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Editorial

Current and Future Insights in Organic–Inorganic Hybrid
Materials
Jesús-María García-Martínez * and Emilia P. Collar *

Polymer Engineering Group (GIP), Polymer Science and Technology Institute (ICTP), Spanish National Research
Council (CSIC), C/Juan de la Cierva, 3, 28006 Madrid, Spain
* Correspondence: jesus.maria@ictp.csic.es (J.-M.G.-M.); ecollar@ictp.csic.es (E.P.C.)

The text below outlines some current and future possibilities for organic–inorganic
hybrid materials. This third installment builds on the success of the previous Special
Issues and presents new original contributions and approaches to the topic [1–4]. These
investigations align with the definition of hybrid materials recommended by the IUPAC
(International Union of Pure and Applied Chemistry). This definition signifies that a hybrid
material comprises a close mixture of inorganic, organic, or both components, typically
interpenetrating scales of less than one micrometer [5]. The potential for organic–inorganic
hybrid materials to enhance properties in various fields is vast, offering substantial research
and design opportunities for material scientists. However, it is necessary to note that
functional hybrid materials are not just physical mixtures [6–10]. They are nanocomposites
at the molecular scale, with at least one organic or inorganic component, having a char-
acteristic length on the nanometer scale (a few Å to several tens of nanometers) [7]. The
properties of hybrid materials are not just the sum of the individual contributions of their
components but also arise from the strong synergy created by a hybrid interface [8–10].

This synergy is a key aspect of hybrid materials, highlighting the unique properties
that can be achieved through careful design. These, such as enhanced electrical, optical,
mechanical, separation capacity, catalysis, sensing capability, and chemical and thermal
stability properties, make hybrid materials a valuable area of research. The nature of
the inorganic–organic interface, including the types of interactions present, the surface
energy, and the presence of labile bonds, plays a strong role in controlling these properties.
Additionally, it must be noted that hybridization is a multifaceted strategy. In some cases,
conducting organic polymers just act as a solid polymeric support for active species. In
contrast, in other hybrid systems, the activity of organic and inorganic species combines to
reinforce or modify each other. However, in every case, the work on these hybrid materials
involves the underlying use and sometimes even the explicit search for synergy. Hybrid
organic–inorganic materials, in general, represent the natural interface between two worlds
of chemistry, each with very significant contributions to the field of materials science
and each with characteristic properties that result in distinct advantages and limitations.
Researching the topic of hybrid materials has challenges and opportunities. The main
challenge is synthesizing hybrid materials that keep or enhance each component’s best
properties while reducing their limitations. Undertaking this challenge allows one to
develop new materials with synergic behavior, improving performance and novel valuable
properties. Indeed, hybrid materials frequently involve a combination of components
thoroughly studied in their respective fields. Still, they provide an additional dimension to
their properties when becoming part of the hybrid compound [11].

Various functional hybrid materials can be categorized into two main families de-
pending on the nature of the interface, combining organic components and inorganic
materials [7,8,10–12]. Class I deals with hybrid systems where the organic and inor-
ganic parts interact by weak bonds, including Van der Waals, electrostatic, or hydrogen
bonds. Class II indicates hybrid materials in which covalent or ionic-covalent chemical
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bonds link these components. Many hybrid materials combine jointly strong and weak
interfaces [1–4,10,13,14]. Still, due to the significance of the presence of strong chemical
bonds on the final properties, these hybrids are grouped into Class II. Hybrid Class I
compounds have exciting features such as ease of material synthesis, easy removal of the
organic phase to create functional architectures by self-assembly, et cetera. However, there
is increasing development of Class II hybrid materials due to the advantages of covalent
bonds between organic and mineral components, including the potential to synthesize
entirely new materials, minimization of phase separation, and better definition of the
organic–inorganic interface [7–10]. The effective grafting of organic functionality to the
inorganic network also avoids a drawback of the hybrid compounds of Class I, which is the
potential departure of organic components while the material is in use. Furthermore, cate-
gorizing organic–inorganic hybrid systems into Class-I and Class-II, based on the type of
interactions between the phases, highlights these materials’ diverse and promising nature.
Combining weak and strong interactions in the same hybrid system opens new avenues
for innovation and development. In summary, organic–inorganic materials are shown as
multi-component compounds with at least one component in the nano-metric size domain.
This yields significantly enhanced properties, positioning them as valuable components
in various applications. To finalize, in essence, it can be said that the organic–inorganic
materials are multi-component compounds with at least one of their organic (the polymer)
or inorganic components in the nano-metric-size domain, which confers the material as a
whole of greatly enhanced properties respecting the constitutive parts in isolation [6–10].

It is well worth mentioning here the so-called hybrid fiber reinforced polymer compos-
ites (HFRPCs) since they are organic–inorganic hybrid advanced materials combining two
or more different types of fibers (organic and inorganic) within a polymer matrix, aiming
to leverage the strengths of each type of fiber, addressing their individual limitations to
achieve enhanced mechanical properties and performance, making them appropriate for
automotive, aerospace, and construction applications due to their outstanding performance
and cost-effectiveness derived both from the combination of materials and the processing
operations choice [15–18].

Of the nineteen manuscripts submitted to this Special Issue, just 13 were published
after the rigorous revision processes of Polymers. This Special Issue, therefore, includes
these highly relevant and exciting works that are of utmost importance in this scientific field.
Each article compiled in this volume fully matches the topic’s fundamentals, underscoring
their significance. Since this editorial aims not to elaborate on each text but to encourage
the reader to browse them in depth, these contributions have been briefly described.
Consequently, a brief resume of each one is reported to awaken interest in each of the
contributions to this exciting Special Issue of Polymers rather than provide an exhaustive
description of the articles themselves.

So, the contribution by Wang, Li, and coworkers [19] introduces a unique approach
to designing and preparing high-performance polymer-based electrolytes for solid-state
energy storage devices. The authors have developed a novel double-network PE based on
the nonhydrolytic sol–gel reaction of tetraethyl orthosilicate and in situ polymerization
of zwitterions. The resulting material, with its high strength and stretchability, represents
a significant advancement in the field. This is largely due to the efficient dissipation of
energy in the inorganic network. This unique property also allows it to act as a Lewis acid
to adsorb trace impurities, resulting in an electrolyte with a high electrochemical window.
The elastic characteristics of the polymer network further enhance its performance. Notably,
the new PE demonstrates excellent interface compatibility with a Li metal electrode, an
essential requirement for solid-state energy storage devices.

In their article, Solechan et al. [20] present a significant study on biocomposite scaffolds
obtained from a blend of polylactic acid (PLA) and polycaprolactone (PCL) using cold
isostatic pressing and incorporating hydroxyapatite (nHA) as an osteoconductive filler
(0 up to 30%). This research, focusing on medical applications, aims to determine the effects
of nHA on compound performance. Different characterization techniques were employed
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from both the micro and macro scales, such as FTIR, XRD, SEM, density, porosity, tensile,
and flexural properties. The study concludes that incorporating nHA into the PLA/PCL
blend induces an irregular structure, making the crystallization process more challenging.
Higher amounts of nHA result in more porous materials. These findings have practical
implications for the development of biomaterials in medical applications.

In their paper, Spiridonov et al. [21] presented synthesized nanocomposites of cerium-
containing nanoparticles stabilized by carboxymethyl cellulose (CMC) macromolecules
through a novel and elegant method. These products were further characterized, aiding in
determining the type of crystal structure of inorganic nanoparticles and the mechanism of
nanoparticle formation. They demonstrated and confirmed that neither the size nor the
shape of the nanoparticles present in the nanocomposites depends on the ratio of the initial
reagents, reassuring the method’s robustness.

The article by Peponi, López, et al. [22] is a meticulous study that delves into the design
and development of multifunctional fibers. This involves the incorporation of functionalized
nanoparticles into matrices obtained by spinning techniques. The authors present a green
protocol for obtaining functionalized silver nanoparticles, using it as a reducing agent. These
nanoparticles, once obtained, were integrated into PLA solutions to explore the production
of multifunctional polymeric fibers by centrifugal force-spinning. The study focused on
nanoparticle concentration between 0 and 3.5 wt%, investigating the effect of nanoparticle
incorporation and fiber preparation method on morphology, thermomechanical properties, bio-
disintegration, and antimicrobial behavior. The authors’ conclusion that 1% of nanoparticles
is the optimal amount for enhancing thermomechanical behavior while conferring high
antibacterial activity to the PLA fibers and that 2% significantly enhances the material’s shape
memory underscores the meticulousness of this study.

In this article authored by Mahato, Abaimov, and colleagues [23], they have presented
a comprehensive overview of the application of nanofiber polymeric veils as toughening in-
terleaves in fiber-reinforced composite laminates. They note that the interest of these veils is
to prevent delamination caused by the poor out-of-plane properties of composite laminates.
They also identify and discuss the toughening mechanisms induced by polymeric veils.
The results and conclusions claimed to be helpful in all the stages of the material designs,
from the material selection to the modelization of the delamination process, provide a solid
foundation for further research and application.

The article by Leonés, López, Peponi, and coworkers [24] is dedicated to the obtention
of filaments based on polylactic acid (PLA) doped with varying amounts of magnesium
microparticles. The authors employed a two-step extrusion process to investigate the impact
of processing on the thermal degradation of the filaments. They also studied the in vitro
degradation of the filaments and their subsequent 3D printing. The study culminated in
the successful production of micro-composites via a double-extrusion process, with no
degradation of the materials and a commendable dispersion of the microparticles into the
PLA matrix, all without any chemical or physical modification of the microparticles.

Thus, the contribution by Maqableh et al. [25] has developed some analytical methods
to evaluate the bond strength of fiber–matrix systems. For this purpose, they investigate
the debonding mechanism of a fiber–silicone pull-out specimen and further validate the
experimental data using 3D-FEM and a cohesive element approach. The comparison
between the experimental values and the results from the finite element simulations shows
that the proposed cohesive zone model accurately reproduces the experimental results,
being considered almost identical to the experimental observations about the interface.
This accuracy of the cohesive zone model reassures the reliability of the research.

The article authored by Godelmoula and colleagues [26] is a significant study on
using carbon fiber-reinforced polymers (CFRPs) in fabricating complex geometries through
selective laser sintering. It is crucial to note that while carbon fiber reinforcement enhances
the mechanical properties of polymers, it also reduces tribological wear resistance, ne-
cessitating fillers as solid lubricants. The authors’ exploration of graphite-filled carbon
fiber-reinforced polyamide 12 (CFR-PA12) specimens, prepared using the selective laser
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sintering process, provides a deep understanding of the composite’s dry sliding friction
and wear characteristics, leading to engaging concluding remarks.

The aim of the investigation of the paper by Aranha, Carvalho et al. [27] is the deter-
mination of water sorption in hybrid polyester/glass fabric/jute fabric composites molded
via compression and vacuum-assisted resin transfer molding, obtained at different stacking
sequences and water sorption testing at different temperatures. The authors concluded
that the manufacturing process does not affect water sorption at the saturation point, as
the main factors influencing the absorbing moisture are the presence and content of jute
fibers in the system, which are jointly affected by the immersion temperature. Addition-
ally, in contribution by Aranha, Rivera, and colleagues [28], these authors have studied
the mechanical behavior under tensile stress of neat and hydrothermally aged samples
at different temperatures, evaluating fracture surfaces by SE, and it was concluded that
exposure to the aqueous ambient led to a reduction in mechanical properties, both for
the molding technique and the stacking sequence, observing a broad spectrum of defects
such as delamination, fiber pull-out, fiber/matrix detachment, voids, and matrix removal
correlated to the experimental conditions followed.

The article authored by Tellez et al. [29] has investigated encapsulated caffeine (CAF),
which has anti-cellulite properties, in zirconium-based metal–organic frameworks (MOFs)
by liquid-assisted milling, resulting in different textural properties and chemical function-
alization. These capsules have been incorporated into recycled polyamide 6 (PA6) and
a biopolymer based on polylactic acid (PLA) using extrusion. The resulting materials
have been fully characterized, confirming the caffeine encapsulation, the preservation of
caffeine during the extrusion process, and the good contact between the polymer and the
MOFs. This research opens up exciting possibilities for using these materials in various
applications, inspiring further exploration and development in the field.

The research performed by Cerrada et al. [30] meticulously investigated composites
based on poly(3-hydroxybutyrate) (PHB) and mesoporous SBA-15 silica, a study conducted
with utmost care and precision. The thermal stability, phase transitions, and crystalline
details of these composites were studied in great detail, focusing on the confinement
of the PHB polymeric chains in the silica’s mesopores. The influence of nano-silica in
the composites’ thermal, morphologic, and dynamic mechanical performance not only
confirms the observed confinement but also provides a comprehensive understanding of
the influence of the filler in temperatures above the glass transition.

Finally, the last article, authored by Peponi, López, and coworkers [31], is devoted to a
comprehensive study that thoroughly explores the bioactivity and antibacterial behavior of
PLA-based electrospun fibers doped with both MgO and Mg(OH)2 nanoparticles (NPs).
The study meticulously tracks the evolution of these fibers in terms of morphology, infrared
spectra, X-ray diffraction, and visual appearance. The authors discuss the bioactivity of
hydroxyapatite growth after 28 days of immersion in simulated body fluid (SBF), noting an
increase in the number of precipitated crystals with the amount of both NPs. The chemical
composition of the precipitated crystals, characterized in terms of the Ca/P molar ratio
after T28 of immersion in SBF, indicates the presence of hydroxyapatite on the surface
of the reinforced fibers, along with a decrease in the average diameter of the PLA-based
fibers. The study also reveals the promising antibacterial activity of the MgO and Mg(OH)2
nanoparticles in the fibers against Escherichia coli and Staphylococcus aureus, providing a
comprehensive understanding of their behavior.

To conclude, and as the guest editors of this captivating Special Issue, we are excited to
announce that “Organic–Inorganic Hybrid Materials” has emerged as a crucial framework
in the field of polymer science and technology, both currently and in the near future. This
excitement fuels our anticipation for the fourth Special Issue on the topic, slated for 2025 in
POLYMERS. We are now open for submissions and eagerly await contributions from those
who share our passion for this vibrant scientific field.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: The key to developing high-performance polymer electrolytes (PEs) is to achieve their
high strength and high ionic conductivity, but this is still challenging. Herein, we designed a new
double-network PE based on the nonhydrolytic sol–gel reaction of tetraethyl orthosilicate and in
situ polymerization of zwitterions. The as-prepared PE possesses high strength (0.75 Mpa) and high
stretchability (560%) due to the efficient dissipation energy of the inorganic network and elastic
characteristics of the polymer network. In addition, the highest ionic conductivity of the PE reaches
0.44 mS cm−1 at 30 ◦C owning to the construction of dynamic ion channels between the polyzwitterion
segments and between the polyzwitterion segments and ionic liquids. Furthermore, the inorganic
network can act as Lewis acid to adsorb trace impurities, resulting in a prepared electrolyte with a
high electrochemical window over 5 V. The excellent interface compatibility of the as-prepared PE
with a Li metal electrode is also confirmed. Our work provides new insights into the design and
preparation of high-performance polymer-based electrolytes for solid-state energy storage devices.

Keywords: inorganic–organic double-network; polyzwitterion; polymer electrolyte; ionic conductivity

1. Introduction

Polymer electrolytes (PEs) have attracted much attention recently due to their non-
volatility, flame resistance, ease of processing, and low cost [1–6]. More importantly,
PEs have the ability to inhibit the dendrite growth of solid metal (e.g., Na, Li) batteries,
which are expected to fundamentally solve the safety problems of metal-based cells [7–11].
Whether it is a solid-state lithium metal battery or a solid-state sodium ion battery [12,13],
polyethylene oxide (PEO) and its derivatives are currently the dominant PE matrices due
to PEO’s good solubility for metal salts and its ability to transport metal ions [14–16].
However, PEO is known to be highly crystalline at room temperature and usually has a
limited ability to transport metal ions; for example, the room temperature ionic conductivity
of PEO–lithium salt systems is typically in the range of 10−6–10−8 S cm−1 [17], which is
far from the desired ionic conductivity of 10−3–10−4 S cm−1 expected for PEs. In order
to improve the room temperature ionic conductivity of PEO-based electrolytes, the key is
to inhibit the crystallization of the polymer and thus improve the motility of the polymer
chain segments. Physical blending [18–20], grafting [21], copolymerization [22,23], cross-
linking [24], and branching [12] have been used to inhibit the crystallization of polymers.
Although these methods can improve the ionic conductivity of PEs, the extent of their
improvement is usually very limited, e.g., Appetecchi et al. made the room temperature
ionic conductivity of the corresponding PEs reach ~1.1 × 10−6 S cm−1 using the method of
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blending modification [25], Niitani et al. made the room temperature ionic conductivity
of PEs increase to ~1 × 10−5 S cm−1 using the strategy of copolymerization [26], and a
PE with room temperature ionic conductivity of 8 × 10−5 S cm−1 was obtained using
the branching method by wang et al [27]. To further improve the ionic conductivity of
PEs, attempts have been made to introduce plasticizers such as liquid electrolytes and
ionic liquids into PEs [28,29], which has significantly improved the room temperature
ionic conductivity of PEs, but usually at the expense of the mechanical properties such as
strength and tensile properties.

Materials with a double-network structure have been pioneered in the study of hy-
drogels [30], and better mechanical properties are usually obtained for polymers with a
double-network structure compared to those with a single-network structure. The first
network of materials with a dual-network structure usually consists of a rigid network in
which there are hydrogen bonds, ionic bonds, or physical cross-linking points as sacrificial
bonds, etc. The sacrificial bonds are reversibly broken and generated during the stretching
and rebounding process as a mechanism to dissipate energy and improve the mechanical
strength of the material [31]; the second network is usually a flexible polymer network
connected by covalent bonds, which provides elasticity and maintains the basic architecture
of the dual network [32]. In the field of ionogels, Kamio et al. first demonstrated that
an ionogel based on an organic–inorganic double network has much higher mechanical
strength than the single-network ionogel [33]. Inspired by this, Yu et al. constructed an
organic–inorganic double-network solvate ionogel with high toughness (80 MPa) and high
ionic conductivity (0.12 mS cm−1) for lithium-metal batteries [34]. However, there are few
reports on organic–inorganic dual-network ionogel electrolytes, and the polymer network
is limited to polyacrylamide, resulting in unsatisfactory mechanical properties, such as the
strain of only ~170% that was reported by yu et al [34]. There is an urgent need to develop
more types of new dual-network ionic gels.

Herein, we designed a new double-network polymer electrolyte (PE) based on the
nonhydrolytic sol–gel reaction of tetraethyl orthosilicate and the in situ polymerization of
zwitterions to synergistically achieve high strength, high tensile, and high ionic conductivity
of PEs. Among them, the inorganic network is a physical crosslinking point composed
of Si nanoparticles that can reversibly dissipate the energy generated by stretching, thus
enhancing the tensile strength of the electrolyte; the elastic polyzwitterion network gives the
electrolyte high tensile capacity. The ion–dipole forces between the polyzwitterion segments
and between the polyzwitterion segments and ionic liquid in the organic network provide
dynamic nano-conducting channels to facilitate ion transport, and the inorganic network
can further enhance the electrochemical stability of the electrolyte, ultimately enabling the
construction of high-performance electrolytes. Excellent interfacial compatibility of the PEs
with lithium metal electrodes has also been demonstrated.

2. Experimental Section
2.1. Materials

2-methacryloyloxyethyl phosphorylcholine (Macklin, Shanghai, China), Tetraethyl or-
thosilicate (Aladdin, Shanghai, China), formic acid (FA, 88%, Aladdin) 1-ethyl-3-methylimid
azoliumbis(trifluoromethylsulfonyl)imide (Aladdin, Shanghai, China), bis(trifluoro methane)
sulfonimide lithium (Aladdin, Shanghai, China), 3-[Dimethyl-[2-(2-methylprop-2-enoyloxy)
ethyl]azaniumyl]propane-1-sulfonate (Macklin, Shanghai, China), and 1-hydroxycyclohexyl
phenyl ketone (Aladdin, Shanghai, China) were used directly without other treatment.

2.2. Synthesis of Organic–Inorganic Double-Network PEs

The double-network PEs were prepared using the sol–gel reaction of tetraethyl orthosil-
icate and in situ polymerization of zwitterions. Detailed information on the sample can
be found in Table S1. Typically, 2-methacryloyloxyethyl phosphorylcholine (MPC, 0.572 g,
1.94 mmol) and 3-[Dimethyl-[2-(2-methylprop-2-enoyloxy)ethyl]azaniumyl]propane-1-
sulfonate (DPS, 0.064 g, 0.23 mmol) were dissolved in 1-ethyl-3-methylimidazoliumbis(triflu
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oromethylsulfonyl)imide (IL)/lithium salt (0.8 g, 30 wt% LiTFSI), followed by adding TEOS
(120 µL), FA (160 µL), and a photoinitiator ( 1-hydroxycyclohexyl phenyl ketone, 0.018 mg,
0.09 mmol). The mixture was put into a homemade mold and underwent photopoly-
merization for 30 min, and then it was transferred to a 50 ◦C oven for 48 h. Finally, the
double-network PE was obtained.

2.3. Characterization and Testing

Structural information on the monomers and PEs was recorded using FTIR spec-
troscopy (L1600400 Spectrum TWO DTGS, MA, USA). Thermal properties of the PEs were
acquired using a thermal gravimetric analyzer (NETZSCH STA 2500, Selb, Germany) and
differential scanning calorimetry (DSC, Shimadzu DSC-60A equipment, Tokyo, Japan).
A Field Emission Scanning Electron Microscope (FESEM, Hitachi SU8010, Tokyo, Japan)
was used to observe the microstructures of the PEs. Stress–strain curves of the PEs were
obtained using the Instron 3300 electronic universal material testing system. The ionic
conductivity (σ) of the PEs was obtained from impedance measurements using Zennium
Electrochemical workstation (ZahnerEnnium) and calculated using σ = l/(RS), where l is
the thickness of an electrolyte, R is bulk resistance, and S is the contact area between the
stainless steel (SS) electrode and PE [35–37]. Linear sweep voltammetry was used to test
the electrochemical stability of the PEs.

3. Results and Discussion

Figure 1a shows the preparation route of the novel organic–inorganic double-network
polymer electrolyte based on the nonhydrolytic sol–gel reaction of tetraethyl orthosili-
cate and in situ polymerization of zwitterion (see the detailed preparation method in
the experimental section). Figure 1b and 1c shows the IR spectra of Tetraethyl orthosil-
icate (TEOS), DPS, MPC, double-network PE (DPE) and single-network PE (SPE) form
different wavelength ranges. According to the FTIR spectra, the obvious characteristic
peaks of −CH=CH2 from MPC (3029 cm−1 (Figure 1b) and 1635 cm−1 (Figure 1c)) and
DPS (3038 cm−1 (Figure 1b) and 1635 cm−1 (Figure 1c)) completely disappeared in the
DPE (M9D1T30)) and SPE (M9D1T0), without SiO2 inorganic network), demonstrating the
sufficient polymerization of zwitterions.

The thermal stability of related PEs was further acquired using a thermal gravimetric
analyzer. Here, we denote the prepared PE by MxDyTz, where x, y, and z represent
the weight ratios of MPC, DPS, and TEOS, respectively. Specifically, in this work, we
prepared the samples M5D5T20, M5D0T20, M9D1T15, M9D1T20, M9D1T25, M9D1T30,
and M9D1T35 to explore their differences in mechanical and electrochemical properties (see
Table S1). The TGA curves in Figure 2a indicate that the prepared PEs have a high thermal
decomposition temperature of over 200 ◦C. When the content of inorganic components
reaches a certain level, their ability to improve thermal stability is demonstrated. Especially,
M9D1T30 shows a thermal decomposition temperature of ~300 ◦C, which is the highest
among all the samples. The high thermal decomposition temperature of PEs indicates that
they can be used over a wide range of temperatures.

The mechanical properties of electrolyte membranes, such as mechanical strength and
stretchability, are among the most important indicators of safe, high-performance solid-
state batteries, and we further investigated the effect of the content of each component on
the mechanical properties. We first investigated the effect of amphoteric monomer content
on the mechanical properties of PEs. Comparing the stress–strain curves of M10D0T20
(stress: 0.45 MPa; strain: 367%), M9D1T20 (stress: 0.55 MPa: strain: 439%) and M5D5T20
(stress: 0.30 MPa: strain: 195%), it can be seen that the stress and strain of the materials
increase and then decrease with the increase of DPS content. At a fixed MPC and DPS
content, i.e., the samples M9D1Tz (z = 15, 20, 25, 30 and 35), the strain of the material
increases as the TEOS content increases, and overall, the strength of the material increases,
and when the TEOS content exceeds 30 (i.e., corresponding to M9D1T35), both the strain
and stress of the material decrease. The best sample (M9D1T30) can reach a strain of 569%
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and a stress of 0.75 MPa. It can be seen that the content of amphoteric monomers has
an important influence on the mechanical properties, which is due to the large difference
in the stiffness and flexibility of the corresponding two polymer segments, and only in a
reasonable ratio can the common advantages of both be exploited. In addition, there is also
a threshold value for the content of inorganic networks, which is due to the fact that too
high a content of inorganic networks usually agglomerates and causes a decrease in the
mechanical properties of the material.
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The digital images of M9D1T20 before and after stretching are shown in Figure 2c. It
is clearly seen that the film is highly stretchable. In addition, the SEM image in Figure 2d
shows a uniform distribution of nanoparticles on the surface of the films, which can be
attributed to the inorganic networks of SiO2 formed through the non-hydrolytic-sol-gel
of TEOS.

Based on the mechanical property analysis, M9D1T30, M9D1T20, M10D0T20, and
M5D5T20 were preferably selected to further test their ionic conductivity between 30 and
80 ◦C. Overall, the ionic conductivity of the PEs decreases with increasing DPS content, as
can be seen from the curves of ionic conductivity and temperature (Figure 3a). For instance,
the ionic conductivity of M9D1T30, M9D1T20, and M10D0T20 at 30 ◦C is 0.30, 0.31, and
0.44 mS cm−1, respectively. Specifically, M5D5T20 with the highest content of DPS shows
the lowest conductivity in the whole temperature range (0.14 mS cm−1 at 30 ◦C). This can
most likely be attributed to the fact that polyMPC and lithium ions have a more reasonable
coordination interaction, which facilitates the migration of lithium ions. According to the
fitted results, M9D1T30, M9D1T20, M10D0T20, and M5D5T20 show activation energies
of 8.00, 6.68, 5.65, and 3.57 kJ mol−1, respectively, and all the corresponding curves follow
the VTF model [23], which suggests that the polyzwitterion segments have an important
role in regulating ion transport. We also compared the ionic conductivity of M9D1T20 and
M9D1T30 throughout the temperature interval (Figure 3a) and found that the overall effect
of the SiO2 content on the ionic conductivity is not significant. However, we found that
the content of SiO2 strongly affects the electrochemical stability of the PE. As shown in
Figure 3b, M9D1 without SiO2 has a very unstable electrochemical window (below 3 V). In
contrast, M9DT20 exhibits a high electrochemical window of close to 5 V. This is due to
the ability of SiO2 to act as Lewis acid and adsorb trace impurities [38], which facilitates
the electrochemical stability. Figure 3c shows that the electrochemical windows of the elec-
trolytes after the addition of the SiO2 inorganic networks all exceeded 4 V, and in contrast
to the relationship with conductivity, the increase in DPS content is overall favorable for the
electrochemical stability. Meanwhile, M9D1T30 also shows a wide electrochemical window
of 4.9 V (Figure S2). In conclusion, M9D1T30 is the best sample in terms of mechanical
and electrochemical properties. The material has a strain of 569%, a tensile strength of
0.75 MPa, and a high ionic conductivity of 0.30 mS/cm at 30 ◦C, which is much higher than
that reported for other PEs [5,34].
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The interfacial stability of Li/Li symmetric cells is one of the key indicators to assess
whether the electrolyte can be applied to lithium metal batteries. As shown in Figure 3d, it
can be seen that the interfacial resistance of the Li/M9D1T30/Li cell gradually increases
in the initial 1–7 days, which is due to the formation of SEI film on the surface of lithium
metal. Then, the interface reaches stability after 9 days of shelving, corresponding to an
interfacial resistance of about 100 Ω, indicating good interfacial compatibility between
the electrolyte and lithium metal. As also shown in Figure S1, Li/ Li/M9D1T20/Li also
has a stable interface after 7 days, further confirming the advantages of using the novel
double-network PEs.

To further understand the ionic transport mechanism of the as-prepared PEs, we
further obtained the DSC curves of M9D1T30, M9D1T20, and M10D0T20. Regardless of the
sample, there is only one melt peak belonging to the ionic liquid at about 17 ◦C [39], and no
crystalline peak was observed in the sample, indicating that the sample is amorphous, and
this amorphous feature facilitates the transport of lithium ions. In addition, there are ion–
dipole interactions between the polyzwitterion segments and between the polyzwitterion
segments and ionic liquid, which facilitate the formation of dynamic ion transport channels
in the electrolyte. In addition, the interface between the inorganic network and the organic
network also facilitates the formation of an interfacial transport layer, which promotes
the transport of lithium ions. Therefore, we propose the ion transport model for this
dual-network electrolyte (Figure 4b).
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4. Conclusions

We designed and prepared a novel organic–inorganic dual-network electrolyte using
the non-hydrolytic sol–gel reaction and in situ photopolymerization. The effects of organic
and inorganic components on the mechanical properties, ionic conductivity, and electro-
chemical stability of the electrolytes were systematically investigated by regulating the
content of organic and inorganic networks. A polyzwitterion–SiO2 double-network PE with
high mechanical strength (tensile strength: 0.75 MPa), good tensile property (strain: 569%),
high conductivity (0.30 mS/cm at 30 ◦C), and wide electrochemical window (close to 5 V)
was prepared. The electrolyte also had good interfacial compatibility with lithium metal
and was expected to be used in solid-state metal batteries. The possible ion transport mech-
anism of the electrolyte was further given using the phase transition analysis of the polymer
electrolyte and the unique molecular conformation of the polyzwitterion segments. The
present work provides new ideas for the design and synthesis of novel organic–inorganic
dual-network PEs for high-performance solid-state energy storage devices.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/polym15020466/s1, Figure S1: EIS of Li/Li cell using M9D1T20;
Figure S2: Electrochemical stability of M9D1T30; Table S1: Weight percentage of each component of
MxDyTz, the strength, stress and ionic conductivity also are shown.
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Abstract: Hydroxyapatite has the closest chemical composition to human bone. Despite this, the use
of nano-hydroxyapatite (nHA) to produce biocomposite scaffolds from a mixture of polylactic acid
(PLA) and polycaprolactone (PCL) using cold isostatic pressing has not been studied intensively. In
this study, biocomposites were created employing nHA as an osteoconductive filler and a polymeric
blend of PLA and PCL as a polymer matrix for prospective usage in the medical field. Cold isostatic
pressing and subsequent sintering were used to create composites with different nHA concentrations
that ranged from 0 to 30 weight percent. Using physical and mechanical characterization techniques
such as Fourier transform infrared spectroscopy (FTIR), X-ray diffraction (XRD), scanning electron
microscopy (SEM), and density, porosity, tensile, and flexural standard tests, it was determined how
the nHA concentrations affected the biocomposite’s general properties. In this study, the presence of
PLA, PCL, and nHA was well identified using FTIR, XRD, and SEM methods. The biocomposites
with high nHA content showed intense bands for symmetric stretching and the asymmetric bending
vibration of PO4

3−. The incorporation of nHA into the polymeric blend matrix resulted in a rather
irregular structure and the crystallization became more difficult. The addition of nHA improved
the density and tensile and flexural strength of the PLA/PCL matrix (0% nHA). However, with
increasing nHA content, the PLA/PCL/nHA biocomposites became more porous. In addition,
the density, flexural strength, and tensile strength of the PLA/PCL/nHA biocomposites decreased
with increasing nHA concentration. The PLA/PCL/nHA biocomposites with 10% nHA had the
highest mechanical properties with a density of 1.39 g/cm3, a porosity of 1.93%, a flexural strength of
55.35 MPa, and a tensile strength of 30.68 MPa.

Keywords: nano-hydroxyapatite; polylactic acid (PLA); polycaprolactone (PCL); biocomposites

1. Introduction

Bone fractures caused by cancer, traffic accidents, bone tumors, or aging are incapable
of self-healing. These bone fractures require interventional therapy with implants or bone
grafts in order to heal and regenerate. Bone tissue engineering has garnered interest due to
its inherent advantages for the healing of bone fractures.

Important components of bone tissue engineering are scaffolds that can provide
dynamic circumstances for cell growth. Scaffolds must be biocompatible and biodegradable,
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possess appropriate mechanical qualities and pore sizes, and have pores that are well-
connected [1–3]. The success of an implanted biomaterial is determined by a number of
criteria, including its shape and structural characterization, durability, mechanical loading,
property of implant material, location of the implanted site, and host reaction [3]. The
standard treatment for bone repair is autografting, but it has a number of drawbacks,
including limited tissue availability, discomfort for the patient, morbidity at the donor site,
the need for a second procedure, challenges in fabricating an anatomically shaped graft,
and a failure rate of up to 50% for some sites. The creation of implants and scaffolds was
urgently needed in order to address these drawbacks. Thus, the engineered scaffolds’ goal
is to rebuild bone tissue rather than just replace it [2].

Moreover, internal fixation devices made from metal may be utilized for the repair of
bone fractures. Metallic materials such as stainless steel, CoCr alloys, Ti, and Ti alloys have
a lot of good properties that mean they are utilized for bone implants. These properties
include high fracture toughness, corrosion resistance, high strength, high hardness, and
biocompatibility. However, the inadequate interfacial adhesion between metallic implants
and tissue or bone results in the creation of a non-adhesive layer and movement at the
implant tissue interface. This results in the failure of using metal implants to treat bone
fractures. Furthermore, metallic implants have a substantially greater modulus of elasticity
than bone, which can result in stress shielding. Consequently, osteoporosis, osteolysis, and
secondary fractures will occur. During the implantation process, toxic effects induced by
ions released from metallic implants represent a major problem [4–10]. The use of metal
implants requires a second surgical procedure for implant removal, which can increase the
cost of treatment [11]. This has prompted researchers to find substitutes for metal implants
using other materials such as polymers, ceramics, and composites.

Presently, only a few polymer biomaterials are now available that are non-toxic, ab-
sorbable, and FDA-approved for use as scaffolding materials in medical applications.
Among these, biomaterials with strong biocompatibility and biodegradability include
polylactic acid (PLA) and polycaprolactone (PCL) [2,12]. PLA has a glass transition tem-
perature (Tg) between 50 and 80 ◦C and a melting temperature (Tm) between 130 and
180 ◦C [13]. PCL has good solubility with other polymers, minimal viscosity, and hy-
drophobic characteristics, in which the molecular weight and crystallinity level affect the
physical and mechanical characteristics. While the Tm ranges from 50 to 60 ◦C, the glass
transition temperature (Tg) of PCL is roughly 60 ◦C. Take into account that PCL has a high
crystallinity level (between 30 and 60%). However, the main limitations of PLA and PCL
are their poor mechanical strength and low cell affinity limiting their application as bone
scaffold materials [2,12].

PLA is a brittle material that degrades quickly in body fluids [14]. Therefore, the
addition of PCL to PLA is used to minimize brittleness and extend the degradation time
of the PLA. Subsequently, PLA and PCL are blended to make copolymers that have good
qualities for tissue engineering, for instance, being biocompatible, biodegradable, and non-
toxic [13,15,16]. Solechan et al. performed scaffold fabrication utilizing distinct PLA/PCL
mixtures and observed the effects of PLA/PCL concentrations on their physical and me-
chanical properties. By increasing PLA content, the PLA/PCL blend porosity reduced,
resulting in enhanced density and flexural strength [17]. An ideal scaffold ought to be
osteoconductive (enabling pluripotent cells to develop into osteoblasts and supporting
the proliferation of cells and capillaries to create bone), biocompatible, and biodegradable,
as well as possess the proper biological qualities and mechanical strength [18]. To obtain
the needed qualities, the incorporation of hydroxyapatite (HA) is able to overcome the
hydrophobicity of the PLA/PCL blend, increase its mechanical properties, and stimulate
osteoconduction, as well as osseointegration in the implanted scaffold [2,19,20].

Hydroxyapatite (HA) is known as the most common mineral found in bones and teeth.
Because HA chemicals account for approximately 65% of bone, they are an interesting
candidate for a synthetic bone composite. HA is a bioactive ceramic material that is
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extensively utilized in various biomedical applications, primarily as orthopedic implant
materials and in the creation of dentistry materials [21–23].

Pijamit et al. utilize PLA/PCL/HA to be the biocomposite material for manufacturing
3D printing filaments. HA in the PLA/PCL/15HA mixture is used for producing the great-
est compressive strength (82.72 ± 1.76 MPa). Furthermore, it was observed that HA also
provided higher bone cell proliferation [16]. Fabrication of composite scaffolds made from
PLA/PCL/HA by indirect 3D printing was studied by Hassanajili et al. According to their
research, the scaffold with PLA/PCL 70/30 w/w and 35% HA had better osteoinduction,
viability, and biocompatibility qualities [19]. Fitriyana et al. studied the effect of using
HA on the mechanical, physical, and degradation properties of the composite materials
using a matrix of PLA/PCL (80 wt%/20 wt%). According to their findings, the mechanical
characteristics of the biocomposite got better as the HA concentration rose. However, the
biocomposite degrades more quickly the greater the quantity of added HA content [20].

The use of additive manufacturing techniques to create scaffolds has been the subject
of numerous investigations. The benefits of the additive manufacturing-based process for
scaffold fabrication include closeness to the final dimensions, precision, and the capability
of generating complex geometries, as well as low processing costs. The disadvantages that
come along with this method are limited product size, relatively small dimensions, poor
mechanical properties, the requirement of post-processing, which is expensive and time-
consuming, residual stress, high surface roughness, frequently clogged nozzles, clumping,
and the presence of delamination of the layers on the final product [24–26].

To overcome these problems, this research uses the cold isostatic pressing method
to make biocomposites from PLA/PCL/nHA as a scaffold material. Prior to machining
or sintering, powdered materials can be compacted via cold isostatic pressing to create
a solid, uniform mass. The main advantage of cold isostatic pressing is the ability to
produce products with more complex shapes. In addition, distortion and cracking due to
non-uniform stresses are greatly reduced [27–29]. According to an investigation conducted
by Abdallah et al., the use of the cold isostatic pressing method could improve the density,
hardness, tensile strength, impact resistance, and ductility of the 93%W4.9%Ni-2.1%Fe
alloy [30]. Cold isostatic pressing (CIP) has been widely used as an efficient processing
process for the compaction of metal and ceramic powders. Compared to uniaxial pressing,
CIP compression produces samples with a greater relative density, superior mechanical
qualities, and a more uniform microstructure. According to some reports, after the CIP
process, the ceramic powder can be compressed to a maximum relative density of 70%.
After being subjected to high CIP pressure and sintering, the nanoparticles yield a relative
density of up to 99.99 percent or more [31]. In the field of medical implants, porous
metal structures are commonly utilized. By controlling the CIP and sintering process
parameters, evenly porous metal components can be manufactured. Controlling porosity
in CIP components necessitates a combination of parameters, including powder qualities,
tool design, CIP process parameters, thermal processing conditions, and ingredient density
throughout the process [32–34].

Al Bakri et al. found that the pressing process also affects the characteristics of the
zirconia toughness alumina (ZTA) composite that is manufactured. CIP provides superior
mechanical qualities compared to uniaxial pressing. Compared to the uniaxial pressing
method, composites compacted using the CIP method exhibit superior characteristics at
lower sintered temperatures [34]. The processes involved in the production of manganates
are significantly affected by cold isostatic pressing. It is demonstrated that the compacting
pressure has a bigger effect on the rate of a chemical reaction than on crystallization.

The results suggest that high hydrostatic pressures can be employed to reduce syn-
thesis temperature and generate nanostructured ceramics and manganates with predeter-
mined oxygen nonstoichiometry. The cold isostatic pressing affects manganate synthesis
and increases the contact area, which mechanically activates the grains and amplifies the
solid-phase sintering processes [35]. Akimov et al. showed that CIP has a big effect on
the physical properties of many powders, such as stabilized zirconium dioxide, α-phase
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alumina powder, hydride-forming intermetallics LaNi2.5Co2.4Al0.1 and LaNi5, and man-
ganese powder. In their research, they utilized the isostatic cold pressure technique to
generate materials containing a mixture of amorphous boron powder, crystalline aluminum,
and LaB6–TiB2 composites under 0.6 GPa of pressure and sintering at 1000 ◦C [36]. The
decrease in crystallization temperature may be due to the fact that the CIP gives rise to
crystallization nuclei. The sinterability and mechanical properties of green bodies subjected
to cold isostatic pressing are significantly enhanced [37].

Cold isostatic pressing has not been intensively investigated as a method for producing
scaffolds from PLA, PCL, or nHA biocomposites. This research was conducted to determine
the effect of the concentration of HA used on the physical and mechanical properties of
biocomposites with a PLA/PCL matrix prepared using the cold isostatic pressure method.

2. Materials and Methods

The properties of the polycaprolactone (PCL) and polylactic acid (PLA) used in this study
are shown in Table 1. Meanwhile, nano-hydroxyapatite (n-HA) with particle size < 200 nm
with 502.31 g/mol of molecular weight was obtained from Sigma-Aldrich Pte Ltd., Pasir
Panjang, Singapore [38]. The PLA and PCL compositions used in this study were 80% and
20%, respectively.

Table 1. The properties of the polycaprolactone (PCL) and polylactic acid (PLA) [17].

Specifications PLA PCL

Form Powder Pellet

Manufacturer Reprapper Tech Co., Kowloon,
Hong Kong

Solvay Interox Limited,
Warrington, UK

Density (g/cm3) 1.24 1.1
Melting temperature (◦C) 175–220 58–60

Grain size (µm) 5–10 -
Diameter (mm) - 0.5

The percentages of nHA composition used in this study were 0, 10, 20, and 30 wt%.
The PLA/PCL/nHA biocomposite formulation is presented in Table 2. In a laboratory ball
mill, PCL, PLA, and nHA were blended for two hours at 80 revolutions per min (Bexco;
Haryana, India). The finished mixture was then added to a mold of stainless steel 304
with 17 mm diameter and 3 mm thickness. The compacting procedure occurred afterward,
which generated a green body under a pressure of 40 MPa. Based on the reference, at a
pressure of 40 MPa, there is a tangential contact between HA particles, as evidenced by the
good grain bonding found in sintered particles. Moreover, the relative density increases
by increasing uniaxial pressure between 10 and 40 MPa. At pressures between 40 and
190 MPa, the relative density tends to be constant [39]. Increased pressure during hot
compression resulted in an increased melt flow index (MFI), crystallinity, density, ultimate
tensile strength (UTS), and Young’s modulus of the PP-HA biocomposite. This happened
because the mechanical bonding and surface locking of the HA and PP particles in the
composite increased with increasing pressure, resulting in better mechanical properties
and impact resistance [40].

Table 2. Label and composition of biocomposite specimens.

Polymeric Blends Ratio (w/w) HA (wt%) Specimen Codes

PLA/PCL 80/20 0 0%
PLA/PCL 80/20 10 10%
PLA/PCL 80/20 20 20%
PLA/PCL 80/20 30 30%
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The sintering technique was then performed on the green body formed at 150 ◦C for
2 h using a digital drying oven (D1570, made in Taiwan).

The developed PLA/PCL/nHA biocomposites were evaluated using FTIR, X-ray
diffraction, scanning electron microscopy (SEM), and density, porosity, tensile, and flexu-
ral techniques.

In the PLA/PCL/nHA biocomposite, the functional groups constituting the material
as well as the orientation of the molecular chain were identified using the Fourier transform
infrared (FTIR) technique [41]. The functional groups in the PLA/PCL/nHA biocomposite
were identified using a PerkinElmer Spectrum IR Version 10.6.1 spectrophotometer (USA).
Aside from this, each spectrum was recorded in the range of 400 cm−1 to 4000 cm−1. X-ray
diffraction (XRD) analysis was a non-destructive technique for investigating crystalline
materials that was used to identify the crystalline phases in a material by looking at its
crystal structure [42]. The PLA/PCL/HA biocomposites samples were identified by X-ray
diffraction using a Shimadzu XRD-7000 diffractometer at 40 kV with a current of 30 mA
and Cu K radiation (λ = 0.15406 nm). Diffractograms were obtained using a scanning rate
of 1◦/min between (2θ) 10◦ and 90◦. This was followed with a step of 0.02. Furthermore,
using a scanning electron microscope (SEM) and energy dispersive X-ray spectroscopy
(EDX) (JSM-6510, JEOL, Japan) at an accelerating voltage of 15 kV, the surface morphology
and elemental composition of the PLA/PCL/HA biocomposites were examined [43]. To
make composition photos, topography images, and shadow images, a high-sensitivity
backscattered electron detector was mounted on the bottom of the objective lens.

The actual density, theoretical density, and void volume (%) of PLA/PCL/nHA bio-
composites were determined using studies by Satapathy et al. (2017) [44] and Taib et al.
(2018) [45]. Flexural tests on PLA/PCL/nHA biocomposites were carried out based on
the American Society for Testing and Materials (ASTM) number D790-17 to assess flex-
ural strength. These properties were measured using the three-point bending test on a
rectangular-shaped sample with a dimension of 127 mm × 12.7 mm × 3 mm. The crosshead
speed used in the flexural test was 2 mm/min at room temperature.

Tensile strength was measured using PLA/PCL/nHA biocomposites specimens in
accordance with the American Society for Testing and Materials (ASTM) D3039. In this
study, the specimens for the tensile test were rectangular in shape, with dimensions of
250 mm × 25 mm × 3 mm. Aluminum tabs were fastened at the ends of the specimen to
provide proper grip, prevent gripping damage, and ensure deep failure at the gauge length.
A 50 kN load cell and a clip-on-type MTS extensometer with a gauge length of 25 mm
were used to measure load and strain. A loading rate of 2 mm/min was used for testing.
The flexural and tensile tests in this study used the HT-2402 Series Computer Universal
Testing Machine from Hung Ta Instrument Co., Ltd., Sammutprakarn, Thailand, with five
replications, and the average data were analyzed.

3. Results and Discussion

Figure 1 shows the FTIR spectra of the biocomposite specimens. The biocomposite
obtained in this study formed functional groups with almost similar wavenumbers. The
appearance of C–O, C=O, and CH3 peaks in the biocomposite specimens demonstrate that
polylactic acid (PLA) was present. Meanwhile, the C–O, C=O, and CH2 peaks indicate the
presence of polycaprolactone (PCL) in the biocomposite specimens. The existence of PO4

3−

and O–H peaks in the biocomposite specimens indicates that nano-hydroxyapatite (nHA)
is present [17,46,47]. The hydroxyapatite (HA) spectrum demonstrates that the PO4

3−

stretch band is around 1156–1000 cm−1 and the O–H bend is in the range of 950–910 cm−1.
Following the O–H bend, a band at 631 cm−1 showing the extension of the hydroxyl group
(OH-) in nHA was also detected in all biocomposite samples. In this study, all of the bio-
composite specimens showed a weak O–H stretch in the range of 3160–3640 cm−1 [46–50].
The results of the FTIR test in this study found that a peak between 1440 and 1475 cm−1

indicates a CH2 asymmetric stretch. A peak between 2880 and 2975 cm−1 shows a CH3
symmetrical stretch [51,52]. FTIR test results showed the presence of symmetrical bending
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of CH3 in specimens of 0, 10, 20, and 30% at peaks of 1373, 1335, 1332, and 1336 cm−1,
respectively. Thus, the C=O and C–O stretches are measured at 1760–1670 cm−1 and
1100–1000 cm−1 [17,46].
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The biocomposite specimens in this investigation demonstrated all of the peaks that
were representative of nHA, PCL, and PLA. Furthermore, the findings of this investiga-
tion revealed no novel peaks in the spectrum. This suggests that the two polymers and
nano-hydroxyapatite have a weak interaction and are fully incompatible. The results of
this study are in accordance with the results of research conducted by Hassanajili et al.,
Shojaei et al., and Åkerlund et al. Based on the FTIR spectra, they found that there is a
weak interaction between PLA, PCL, and HA, which indicates that they are completely
incompatible. The carbonyl groups shifted, indicating that PLA, PCL, and HA interact with
each other [19,46,47].

Figure 1 presents the FTIR spectrum of the biocomposite from PLA/PCL/nHA pre-
pared via cold isostatic pressing. For the biocomposites obtained via isostatic cold pressing,
the PCL, PLA, and nHA bands were well identified, with different band intensities being
affected by the concentration of nHA used. Furthermore, biocomposites containing a high
nHA content exhibited intense bands at 1047 and 551 cm−1, which were associated with the
symmetric stretching vibration of PO4

3− and the asymmetric bending vibration of PO4
3−.

The findings in this study are similar to the results of research conducted by Bernardo et al.
They made 3D filament from a biocomposite of PLA and HA. Their results showed that
with a higher concentration of HA used, the FTIR spectra showed bands with stronger
intensities at 1026 and 563 cm−1, representing a symmetric stretching vibration of PO4

3−

and asymmetric bending vibration of PO4
3−, respectively [53].

X-Ray diffraction (XRD) was utilized to identify the biocomposites’ crystallized phases
(Figure 2) within the 2θ range from 10◦ to 80◦. The 2 theta values of 10.820; 16.841; 22.902;
25.879; 28.966; 31.773; 32.196; 32.902; 34.048; 39.818; 43.804; 46.711; 48.103; 49.468; 50.493;
51.283; 52.100; 53.143; 55.879; 61.660; 64.078; and 65.031 reflect the nHA peak based on the
JCPDS card number 09-0432 for the stoichiometric peak of HA. The XRD peaks produced
in this study have similarities with the results of research conducted by Herliansyah et al.
The results of their research show the XRD graph on HA from bovine (BHA) with 2θ at 21,
22, 25, 28, 31, 32, 34, 35, 39, 41, 43, 45, 46, 48, and 49◦ [54]. Peaks at 2 theta values of 19.76,
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22.74, and 28.82 suggested the presence of PLA. The peak that indicates PCL is denoted by
the 2 theta value of 22.42 [17,55,56].
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Figure 2. XRD patterns of the nHA, and PLA/PCL/HA biocomposites with various concentrations
of nHA.

The lack of crystal peaks in the PLA/PCL blend (0% nHA) suggests that an amorphous
structure is generated. When PCL is incorporated into PLA, a disordered structure is
formed, making crystallization more difficult [17].

In this investigation, the PLA/PCL/nHA biocomposite exhibited amorphous phase
dominance, as evidenced by the broadening of peaks between 2 thetas 10.00◦ and 40.00◦ for
all nHA content variations (10%, 20%, and 30%). This occurred because the integration of
nHA into the PCL and PLA matrix resulted in a less homogeneous structure and essentially
no crystalline phase formation. The reason for this is that the addition of HA interferes
with the arrangement of the PLA and PCL molecules, preventing crystal formation [57]. In
addition, the hydrogen bonds between nHA and PCL/PCL inhibit the orderly arrangement
of PCL and PLA molecular chains, thereby reducing crystallinity [58]. This investigation’s
findings are consistent with those reported by Pires et al. According to their research,
the addition of 30 wt% glass prevented polymer matrix crystallization. Consequently,
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PCL–bioglass composites have a lower crystallinity than pure PCL. This behavior is the
result of the interaction between the filler and matrix interfaces. At high concentrations,
bioglass inhibits the movement of polymer molecules. This results in a less crystalline or
amorphous polymer [59].

The surface morphology of biocomposite samples has been examined using a scan-
ning electron microscope (SEM). Figure 3 demonstrates that nHA was equally distributed
throughout the biocomposite. The nHA (small white particles) is evenly distributed
throughout the biocomposite. However, nHA agglomerations of diverse sizes were seen in
biocomposites with higher nHA content (Figure 3b,c). This is because the biocomposite
sample with a greater nHA content increases the surface energy between PCL and nHA,
lowering the interfacial contact between PCL and nHA and causing the agglomeration of
nHA particles in the polymer matrix [16,19]. The more nHA added resulted in higher Ca
and P peaks on the EDX graph as shown in Figure 4.
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(d) 30%, at 3000× magnification.
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Figure 4. EDX profile of the PLA/PCL/nHA biocomposite specimens of (a) 0%; (b) 10%; (c) 20%; and
(d) 30%.

However, in specimens with 0% nHA, the EDX graph only found C and O peaks.
Aside from this, with more nHA added, the atomic (%) of Ca and P also increased (Table 3).
The SEM and EDX test results support the XRD and FTIR test results which proved that
nHA had been successfully incorporated into the PLA/PCL/nHA composite.

Table 3. Summary of EDX test results of PLA/PCL/nHA biocomposites.

Element
Atom (%)

0% 10% 20% 30%

C 75.73% 68.00% 67.77% 63.91%

O 24.27% 31.00% 30.39% 32.62%

Ca 0.76% 0.97% 1.88%

P 0.24% 0.87% 1.59%

Total 100% 100% 100.00% 100.00%

The studies of Cardoso et al. and Doyle et al. also showed similar results to this
study. The agglomeration of nHA particles in the polymer matrix is caused by dispersion
problems that occur during the mixing process in the raw materials [60,61]. According to
Doyle et al., mixing nHA particles with chloroform can reduce agglomeration and produce
a homogeneous dispersion of the nHA particles [50]. The unification of nHA into the
polymer matrix not only improves the material’s bioactivity but also increases surface
roughness, which has the ability to alter cell adhesion and proliferation. Furthermore,
nHA addition to the biocomposite material will result in the production of a porous
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surface. Adequate porosity of appropriate sizes and linkages between pores improves
cell infiltration, migration, vascularization, oxygen and nutrient flow, and waste material
elimination [46,62].

Figure 5 exhibits the effect of nHA concentration on biocomposite specimen density
and porosity. Specimens without nHA had the highest porosity and lowest density of
11.76% and 1.14 g/cm3, respectively. Adding nHA to the PLA/PCL matrix resulted in
lower porosity than the sample without nHA (0%). This is because the nHA within the
PLA/PCL matrix is strongly bound and is believed to be involved in the chemical changes
that occur during biocomposite fabrication. During the process, nHA is adsorbed into the
PLA/PCL matrix to fill voids and increases in density as the porosity of the biocomposite
decreases [63]. The findings of this study are consistent with those of Kareem et al. and
Kim et al. According to the findings of Kareem et al., adding 10% HA to the PLA matrix
induced a decrease in porosity and an increase in density [64]. Meanwhile, Kim et al.
found that adding 10% HA to the PCL matrix resulted in lower porosity than pure PCL
porosity [65].
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The porosity of the biocomposite specimens increased as the concentration of nHA
used increased. This occurred because the addition of nHA inhibited sintering for the
matrix (PLA/PCL), resulting in the formation of pores in the biocomposite specimens [66].
Furthermore, biocomposite specimens containing 30% nHA exhibited greater porosity
than biocomposite specimens using 10% and 20% nHA. The increase in porosity in the
biocomposite specimens was due to the greater density of nHA compared to the matrix
(PLA/PCL). With constant total nHA and matrix quality, the volume decreases as den-
sity increases with the addition of more nHA, resulting in the formation of more pores
following solid–liquid phase separation [67]. The findings in this study are in accordance
with the findings in research conducted by Fang et al. [66] and Casadei et al. [67]. Their
research showed that the HA concentration addition increased the porosity of the scaffold
biocomposite made of PLLA and HA.

The density of biocomposite specimens decreases as porosity rises [17,68]. The density
of biocomposites obtained, formed from PLA, PCL, and nHA, is displayed in Figure 5. Bio-
composites with a 0% nHA concentration produced the lowest density, 1.14 g/cm3, while
biocomposites with a 10% nHA concentration produced the highest density, 1.39 g/cm3.
The density of the biocomposite decreases as the nHA content increases from 10% to 30%.
This is due to the wettability and clustering of nHA as the reinforcement particles [69]. The
biocomposite specimen produced in this research has a density between 1.1 and 1.3 g/cm3,
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which is nearly equivalent to that of human cortical bone density [70]. This explanation
is consistent with Yousefpour et al.’s. In comparison with their results, increasing the HA
concentration decreased the density of the Ce-TZP/Al2O3/HA bio-nanocomposite.

Furthermore, the density of the specimen with low HA is relatively identical to the
density values noted in the theory. The increase in HA concentration resulted in the
difference between the measured density and the theoretical density increasing [71].

The tensile strength of the PLA/PCL matrix (0% nHA) increased with the addition of
nHA (Figure 6). This is due to the density increase that occurs with the addition of nHA.
As the density of biocomposites increases, the ultimate tensile strength increases. As the
density increases, the compatibility of the nHA matrix with the PLA/PCL improves, and
the strength of the composite increases. However, the sample without nHA (0%) has low
density due to high porosity. Higher porosity concentrates stress and reduces load-bearing
capacity, thus reducing the strength of the material. The higher the compatibility, the more
effectively the nHA can transfer stress between the PLA/PCL matrix. Therefore, nHA has
a better stress concentration and can withstand higher stresses when stretched or pulled
before failure [72]. The tensile strengths of the specimens 0%, 10%, 20%, and 30% were
16.75 MPa, 30.68 MPa, 27.57 MPa, and 26.07 MPa, respectively. The highest tensile strength
in this study was found in biocomposite specimens with an nHA concentration of 10%.
This occurs as a result of well-dispersed nHA particles, thereby extending the fracture
propagation path, absorbing some of the energy, and increasing plastic deformation.
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Consequently, the surface fracture strength and energy of the biocomposite specimen
increase. Furthermore, as the concentration of nHA rises, the size of the voids form when the
polymer matrix disintegrates from the nHA particles. When this happens, significant cracks
begin to occur. In addition, the increased agglomeration of nHA particles resulting from
uneven dispersion reduces the biocomposite’s strength [73–76]. Aldabib et al. achieved the
same findings in their study. Once the HA loading exceeded 5 wt%, the tensile strength
declined. The use of a higher concentration of nHA resulted in agglomerations and an
uneven distribution of nHA particles in the matrix. More agglomeration results in higher
porosity. This phenomenon causes a reduction in the biocomposite’s density and tensile
strength [73].

Dehestani et al. found that as the content of HA increased, the tensile strength and
ductility of iron–hydroxyapatite composites dropped. The higher the HA content, the more
unequal the HA particle dispersion in the Fe matrix and the lower the tensile strength
of the biocomposite. The magnitude of the decrease in mechanical properties obviously
depends not only on the content of HA but also on the distribution of HA dispersed in the
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Fe matrix and the particle size of the HA used [74]. According to research conducted by
Ma et al., increasing the amount of HA from 0% to 40% increased the elastic modulus and
decreased the tensile strength.

When the HA concentration is 30 percent or less, the tensile strength of the HA/PEEK
composite is greater than that of cortical bone (50 MPa). The 40% HA/PEEK composite’s
tensile strength, however, was less than 50 MPa, rendering it incompatible with cortical
bone [61]. According to research by Kang et al., the elastic modulus of the composite
increased from 2.36 GPa to 2.79 GPa as the HA content increased from 10% to 30%, while
the tensile strength decreased from 95 MPa to 74 MPa. The homogeneity of various particle
sizes and dispersions has a significant impact on mechanical properties. The 10% HA
concentration improved dispersion in the PEEK matrix and enhanced the composite’s
tensile strength [76].

Figure 7 depicts the three-point bending test results on PLA/PCL/nHA biocomposites.
The flexural strength of the PLA/PCL matrix was significantly enhanced by the addition of
nHA (10%, 20%, and 30%). Increased adhesion between the PLA/PCL matrix and nHA
results in greater stress transfer from the polymer matrix to nHA. The presence of nHA in
the PLA/PCL blend facilitates the formation of a more rigid bond, which contributes to the
improvement of flexural strength.
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Flexural strengths of 0%, 10%, 20%, and 30% of specimens were 30.21 MPa, 55.35 MPa,
47.99 MPa, and 45.67 MPa, respectively. The highest flexural strength (55.35 MPa) was
obtained in biocomposite specimens containing 10% nHA. The flexural strength of the bio-
composite specimens decreases as the nHA concentration increases from 10% to 30%. A rise
in nHA concentration results in significant nHA agglomeration in the matrix. Consequently,
a propagating fracture may form as a result of stress concentration, which subsequently
readily results in brittle failure. Furthermore, the addition of nHA with a concentration
of 10% gave a suitable stiff phase in the matrix made of a mixture of PCL and PLA. The
use of nHA with the right concentration can limit deformation and mobility in the matrix,
resulting in high flexural strength [77].

Aldabib et al. explained that the homogeneous distribution of nHA particles within
the biocomposite can be linked to the increased flexural strength of the biocomposite
specimen at lower nHA concentrations. The flexural strength increases as the dispersion
of nHA particles improves [73]. As previously explained, a higher concentration of nHA
used results in an increase in the porosity of the biocomposite specimen. Due to this,
mechanical properties such as tensile strength and flexural strength diminish as well as

26



Polymers 2023, 15, 559

density. Thus, a higher concentration of nHA used makes a decrease in the flexural strength
of the biocomposite specimen. Based on the study of Yadav et al., the cause of the decrease
in flexural strength in dental restorative composite specimens with an inclination in nHAPs
filler could be due to the presence of harder and stiffer ceramic particles resulting in
brittle composites.

Furthermore, the higher concentration of nHA resulted in the formation of a lot of
pore content in the composite specimen [78]. Comparably similar findings were reported
by Nawang et al. It was discovered that increasing the amount of filler decreased flexural
strength [79]. The liquid absorption and the amount of contraction stress decreased as
the hydroxyapatite added to the polymer matrix was increased. Thus, the resulting bond
strength and flexural strength of the composite decreased [80].

The investigation findings are aligned with Ferri et al.’s research. Their findings show
that the higher the concentration of HA used, the lower the flexural strength of the PLA/HA
composite. Flexural strength is reduced as a result of the biocomposites’ greater stiffness
produced by the increased HA concentration. Furthermore, when HA concentration
increases, particle aggregation becomes more possible, and the nucleating effect becomes
less evident. As a result, the cracking probability is increased because HA aggregates
perform as crack initiators [81]. According to Shyang et al. [67] and Bilic-Prcic et al. [68], an
increase in hydroxyapatite concentrations results in a decrease in flexural strength.

4. Conclusions

The PLA/PCL/nHA biocomposites were successfully prepared via the cold isostatic
pressing method. The biocomposites obtained via isostatic cold pressing, PCL, PLA, and
nHA bands, were well identified using the FTIR test. The different band intensities are
affected by the concentration of nHA used. The biocomposites with high nHA content
showed intense bands at 1047 and 551 cm−1, which were associated with a symmetric
stretching vibration of PO4

3− and asymmetric bending vibration of PO4
3−, respectively. The

PLA/PCL/nHA biocomposites lack crystal peaks, indicating that the resulting structure is
amorphous. A broadening of the peak between 2 thetas of 10.00◦ and 40.00◦ on the XRD
diffractogram indicated an increase in the distance between PLA layers. The spacing be-
tween PLA layers increased, indicating a more amorphous phase in these PLA/PCL/nHA
biocomposites, whereas the addition of nHA led to a less uniform structure and made
crystallization more difficult. The nHA (small white particles) was evenly distributed
throughout the biocomposite. However, nHA agglomerations of diverse sizes were seen in
biocomposites with higher nHA content.

The addition of nHA improves the density and tensile and flexural strength of the
PLA/PCL matrix (0% nHA). However, by increasing nHA content, the PLA/PCL/nHA
biocomposites became more porous. In addition, the density of the PLA/PCL/nHA
biocomposites decreased linearly as the nHA concentration increased. The PLA/PCL/nHA
biocomposites with 10 wt% nHA exhibited the highest density (1.39 g/cm3) and the smallest
porosity (1.93%).

The flexural and tensile strength of the PLA/PCL/nHA biocomposite decreased with
decreasing density. The tensile strength of biocomposite specimens decreased when the
nHA concentration exceeded 10 wt% because the nHA particles were not well dispersed.
Furthermore, the increase in the concentrations of nHA led to a decrease in flexural strength.
Flexural strength is reduced as a result of the biocomposites’ greater stiffness produced by
the increased nHA concentration. The highest tensile and flexural strength were found in
PLA/PCL/nHA biocomposites with 10 wt% nHA, with a tensile and flexural strength of
30.68 MPa and 55.35 MPa, respectively.
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Abstract: An elegant method of one-pot reaction at room temperature for the synthesis of nanocom-
posites consisting of cerium containing nanoparticles stabilized by carboxymethyl cellulose (CMC)
macromolecules was introduced. The characterization of the nanocomposites was carried out with
a combination of microscopy, XRD, and IR spectroscopy analysis. The type of crystal structure of
inorganic nanoparticles corresponding to CeO2 was determined and the mechanism of nanoparticle
formation was suggested. It was demonstrated that the size and shape of the nanoparticles in the
resulting nanocomposites does not depend on the ratio of the initial reagents. Spherical particles
with a mean diameter 2–3 nm of were obtained in different reaction mixtures with a mass fraction of
cerium from 6.4 to 14.1%. The scheme of the dual stabilization of CeO2 nanoparticles with carboxylate
and hydroxyl groups of CMC was proposed. These findings demonstrate that the suggested easily re-
producible technique is promising for the large-scale development of nanoceria-containing materials.

Keywords: carboxymethyl cellulose; cerium oxide; nanocomposite; cerium nanoparticles; stabilization;
microscopy

1. Introduction

Cerium oxide nanoparticles (nanoceria) are of interest in a wide range of applica-
tions, especially in the field of biomedicine. Many chemical methods for the synthesis of
nanoceria are reported in the literature. Precipitation methods such as co-precipitation,
chemical precipitation, microwave, sonochemical, hydrothermal, reverse-co-precipitation,
and microwave–hydrothermal methods are basic procedures of synthesis [1–14]. The key
disadvantage of these methods for obtaining cerium-containing nanoparticles is the require-
ment to conduct the reactions at high temperatures. That, in turn, leads to the formation
of particles of arbitrary sizes and shapes. As a result, no control of the geometric and
morphological parameters of nanoparticles can be achieved. Moreover, the problem of
stabilization of cerium-containing nanoparticles from aggregation and precipitation also
remains relevant. The most commonly used approach to stabilize cerium oxide nanoparti-
cles is modification of their surfaces with surfactants [15]. A significant drawback of this
approach is the impossibility of complete purification of the formed nanocomposites from
surfactants and, as a result, limitation of the use of such materials for biomedical purposes.
Eco-friendly examples of green synthesis of nanoceria were reported as well, for example,
the synthesis of nanoceria using nutrient Salvia macrosiphon Boiss seeds [16]. However, such
approaches did not find wide distribution.

A high degree of biocompatibility, low toxicity, and catalytic activity of nanodispersed
cerium dioxide make it possible to consider it as a promising material for biomedical
applications as antioxidant, anticancer, and antibacterial agents [17–19]. That is why cerium
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oxide nanoparticles, which have biomimetic and antioxidant activity, are now increasingly
being used in medicine.

The influence of nanocrystalline cerium dioxide in the protection of living cells from
oxidative stress is of particular interest. The uniqueness of cerium dioxide nanoparticles
is due to the fact that they can exist in different oxidation states, Ce3+ and Ce4+, which
distinguishes them from most other rare earth metals, which exist predominantly in the
trivalent state [20,21]. The biological activity of cerium dioxide nanoparticles is determined
by oxygen nonstoichiometry, which depends on the size of the nanoparticle and the nature
of the surface ligand. It has been shown that cerium-containing nanoparticles can act
as superoxide dismutase, catalases, oxidases, and oxidoreductases [22]. In this case, the
efficiency of radical neutralization is proportional to the concentration of Ce3+ ions on the
surface of nanoparticles. In addition, the size and state of the surface of CeO2 particles deter-
mine the possibility of inactivation of superoxide free radicals, preventing oxidative stress
in cells [22]. The most effective anti-oxidative-stress activity cerium oxide nanoparticles
demonstrate has been shown in alkaline and neutral (physiological) media [23,24].

Along with the complicated preparation procedures of cerium-containing nanoparti-
cles, there exists the important problem of their stabilization against aggregation (agglom-
eration). Different approaches to the stabilization of nanoparticles, such as gold, silver, and
iron oxides as well as cerium oxide, are widely discussed in the literature. For example,
various stabilizers have been found to be effective in preventing the agglomeration of
nanosized particles, including thiols, carboxylic acids, surfactants, and polymers [25–30].
In general, some stabilizers are not environmentally friendly, while others are prohibitively
expensive. The key requirements for the stabilizers for the nanocomposites proposed for
biomedical applications are the following: the stabilizer must be capable of specific inter-
actions with nanoparticles to inhibit their growth and they should be harmless to living
organisms and the environment. As well, it is necessary to use a stabilizer that provides a
longer effective stabilization, which will facilitate the shelf-life of nanoparticles.

In this work, for the preparation of stable cerium oxide (CeO2) nanoparticles, sodium
salt of carboxymethyl cellulose was used. CMC is water soluble and commonly used in
the food industry [30]. In addition, CMC has been successfully used as an effective stabi-
lizer in the preparation processes of superparamagnetic iron oxide nanoparticles and Ag
nanoparticles [31,32]. CMC is environmental friendly and harmless to living organisms. It
is extremely important that CMC is a polyelectrolyte and contains carboxylate groups along
with hydroxyl groups in monomer units [33]. Polyelectrolytes are promising components
for the effective stabilization of cerium-containing nanoparticles. The efficiency of prevent-
ing aggregation can be achieved due to the ability of charged groups in the main chain to
interact electrostatically with the surface of nanoparticles. In addition, the natural origin of
CMC stabilizer will make it possible to obtain biocompatible nanocomposite materials.

In this communication, we propose a facile original method for the preparation of fine
cerium oxide nanoparticles, which was carried out by the reduction of the Ce4+ complex
salt with sodium borohydride in the presence of CMC at room temperature under aerobic
conditions. The suggested technique allows one to easily separate the resulting product
from the non-reacted initial compounds and side products with dialysis. The obtained
nanocomposite could be stored as a colloid stable solution or as a lyophilized powder
without losing its quality.

2. Materials and Methods
2.1. Materials

The following reagents were used in this work: sodium salt of CMC with molec-
ular mass 90.000 Da DS 0.7 (Merck, Rahway, NJ, USA, Analytical grade), ammonium
cerium nitrate, (NH4)2Ce(NO3)6 (Reakhim, Russia, Special Purification grade), and sodium
borohydride (99%, Pulver, Belgium, Special Purification grade).
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2.2. Nanoparticle Synthesis Procedure

The synthesis of composite materials based on the sodium salt of carboxymethyl cellu-
lose and cerium oxide nanoparticles was carried out according to the following procedure.
To 2.5 mL of a 2 wt.% solution of CMC, 5 mL of the solution of (NH4)2Ce(NO3)6 was added
dropwise under vigorous stirring. The masses of (NH4)2Ce(NO3)6 in solutions were varied
from 6.3 to 17.6 mg. Then, 0.5 mL solution containing 3 mg to 5 mg of NaBH4, respectively,
was added to the reaction mixture under intensive stirring. The resulting volume of the
reaction mixture was 8 mL. The obtained solution was stirred for 12 h. Then, purification
from low-molecular-weight components was carried out using dialysis (in dialysis bags,
Sigma, MWCO~12 kDa) against water for 24 h. The resulting products were lyophilized.

2.3. Research Methods for Cerium-Containing Nanocomposites
2.3.1. UV Spectroscopy

The determination of the cerium content in the composites was carried out using the
UV spectroscopy method. The measurements were carried out on a Specord M40 device
from Carl Zeiss (Jena, Germany) in the spectral range from 280 to 500 nm [34,35]. Sample
solutions were prepared to record the UV spectra. A calibration graph was built according
to the method given in [15]. To construct this calibration graph, weighed amounts of
cerium ammonium nitrate (0.5 mg, 1 mg, 1.5 mg, and 2 mg) were dissolved in 100 µL of
concentrated H2SO4. Then, 10 mL of an aqueous solution containing 0.1% wt. of silver
nitrate and 0.2 g of ammonium persulfate was added to the solutions. After that, the UV
spectra of the obtained solutions were recorded in the wavelength range from 200 to 500 nm
and the absorption intensity was measured at a wavelength of 310 nm (D). Absorption
spectra of the solutions containing cerium ions of various concentrations and a calibration
curve are presented in Supplementary Materials Figure S1.

2.3.2. Transmission Electron Microscopy (TEM)

Structural studies were carried out with transmission (tunneling) electron microscopy
(TEM) on a JEM-100B setup (JEML) equipped with an attachment for X-ray phase analy-
sis [35]. The samples were prepared by applying a drop of an aqueous solution containing
the test substance to a copper grid with further drying in an air atmosphere. The samples
were examined without preliminary contrasting. The series of images was analyzed using
ImageJ software. The obtained results were used to calculate the sizes of the nanoparticles
fractions and their differential share.

2.3.3. X-ray Diffraction Analysis (XRD)

X-ray studies were carried out on a Rigaku D/Max2500 diffractometer with a rotating
anode (Japan). The survey was carried out in reflection mode (Bragg–Brentano geometry)
using CuKα1 radiation (cf. wavelength λ = 1.54183 Å). The generator operation parameters
were: accelerating voltage 40 kV, tube current 200 mA. The survey was carried out in quartz
cuvettes without averaging rotation. Solvents were not used to fix the powder samples.
The recording parameters were: angle interval 2θ = 2◦–60◦, step (in 2θ) 0.02◦, spectrum
recording rate 5◦/min [34]. Silicon powder was used as an internal standard for correction.

Qualitative analysis of the obtained radiographs was performed using the WinXPOW
software package (version 1.06) using the ICDDPDF-2 database.

2.3.4. IR Spectroscopy

The nature of the interaction between the samples was studied using IR spectroscopy
on a Specord M80 instrument (Carl Zeiss, Jena, Germany). Studies were carried out in the
absorption mode by preparing tablets from KBr (matrix) [35].

2.3.5. Raster (Scanning) Electron Microscopy (SEM)

The microstructure of the samples was studied using a scanning electron microscope
with a LEO SUPRA 50VP field emission source (Carl Zeiss, Jena, Germany). For the study,
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the samples were glued on a metal table using a conductive carbon adhesive tape and a
layer of carbon or chromium was deposited on them (sputtering unit Quorum 150T—(UK),
voltage 1000–1200 V, current strength 5–10 mA, deposition time 5–10 min [34]). The
accelerating voltage of the electron gun was 5–20 kV. Images were obtained in secondary
electrons (detector SE2) at magnifications up to 100,000× and recorded in digitized form
on a computer.

3. Results

An original technique was used for the first time to obtain CMC–CeO2 nanocompos-
ites. The CMC–CeO2 nanocomposites were obtained by treating CMC with solutions of
(NH4)2Ce(NO3)6 and a reducing agent (NaBH4) at room temperature. A feature of the
proposed approach is the formation of cerium oxide in an aqueous medium simultaneously
in the presence of a strong reducing agent and atmospheric oxygen. The need to use a
reducing agent is due to the chemical specificity of this process, which, apparently, includes
the following stages [36,37]:

Ce4+ + BH4
− → Ce3+ + B(OH)3 + H2 (1)

NaBH4 + 4H2O→ NaB(OH)4 + 4H2 (2)

NaB(OH)4 → NaOH + B(OH)3 (3)

Ce3+ + 3OH− → Ce(OH)3 (4)

4Ce(OH)3 + O2 → 4CeO2 + 6H2O (5)

During the synthesis, the concentration of CMC was kept constant, while the concen-
tration of the cerium salt, the source of cerium (IV) ions, changed six-fold (see details in
Table 1). This made it possible to trace the effect of the molar ratio of components in the
reaction system on the composition of the final product.

Table 1. Composition of the reaction mixture for the synthesis of cerium-containing nanoparticles
and Ce4+ yield.

[CMC], Base-Mole/L (NH4)2Ce(NO3)6, mM [CMC]/[Ce4+] Ce4+ in Composite,
wt.% *

0.08 0.002 20:1 6.4
0.08 0.0053 15:1 7.1
0.08 0.008 10:1 9.0
0.08 0.011 7:1 11.0
0.08 0.016 5:1 14.1

* Determined with UV spectroscopy.

The TEM method was used to visualize the inorganic particles included in the compo-
sition of the obtained substances (Figures 1–4). The figures present TEM images of samples
obtained at various [CMC]/[Ce4+] ratios in the reaction mixture.

All presented TEM images demonstrated the presence of dark contrasting nanometer-
sized spherical particles. On dark-field TEM images of the samples, nanometer-sized
particles appeared as bright spots. This indicates that they have a crystalline structure
and represent themselves as sources of diffraction. The presence of a crystalline structure
in nanoparticles was confirmed with the electron diffraction patterns, which could be
described as a set of diffuse Bragg reflections.

Using TEM images, the sizes of spherical nanoparticles in the composites were calcu-
lated. The resulting mean values in all the studied samples were in the range 2–3 nm (for
the initial TEM images please see Supplementary Materials Figure S2). Thus, the ratio of
components in the reaction mixture did not affect the shape and size of nanoparticles in the
obtained products.
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The identification of the crystal structure of the inorganic phase in cerium-containing
products based on CMC was carried out using the XRD method (Figure 5).
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Figure 5. XRD patterns of cerium-containing products based on CMC: pure CMC (1); composite with
7.1 wt.% Ce4+ (2); composite with 9 wt.% Ce4+ (3); composite with 11.0 wt.% Ce4+ (4); composite with
14.1 wt.% Ce4+ (5).

All diffractograms presented in Figure 6 curves 2–6 had peaks at angles 2θ = 28.4◦,
34.38◦, 47.6◦, and 57◦. Broad reflections indicate the presence of a small particle size of the
inorganic phase. The diffraction pattern of the original CMC (Figure 6 curve 1) did not
contain these peaks.

The microstructure of cerium-containing composites based on CMC was studied using
SEM (Figure 6).

An image of the plane surface was obtained with SEM for the initial CMC. The
appearance of CeO2 nanoparticles in the content of composites resulted in the formation
of a porous structure. The pore sizes were practically independent of the mass content of
CeO2 nanoparticles and varied from 4 to 10 µm.

The nature of interactions between CMC macromolecules and cerium oxide nanoparti-
cles was studied using IR spectroscopy (Figure 7).

The CMC spectrum contained bands at wavelengths ν = 1688 cm−1 and ν = 1410 cm−1,
related to antisymmetric and symmetric stretching vibrations of the carboxyl groups of the
polyanion, respectively. It should be noted that a wide peak in the range of 1690–1740 cm−1,
corresponding to the stretching vibrations of the C=O group in the composition of the
carboxyl groups of the polyanion, was observed in the spectrum. It is known that the
presence of this peak indicates the formation of a system of intra- and intermolecular
hydrogen bonds with its participation [34,38]. In addition, in the CMC spectrum there was
a band at ν = 1220 cm−1, associated with out-of-plane bending vibrations of the hydroxyl
groups of the polysaccharide.
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composite with 14.1 wt.% Ce4+ (5).

In the spectra of the nanocomposites, as the cerium content increased, the absorption
intensity decreased in the range of 1690–1740 cm−1. This phenomenon is attributed to
a violation of the internal structure of the CMC, accompanied by the destruction of the
system of hydrogen bonds and the formation of electrostatic contacts between the carboxyl
groups of the polysaccharide and the surface of the nanoparticles. In the spectra of the
nanocomposites, a shift of the band at ν = 1688 cm−1 to the region of lower wave numbers
up to ν = 1668 cm−1 was observed. The shift of this band is additional evidence that some
of the carboxyl groups of the polyanion were involved in an electrostatic interaction with
the surface of the cerium oxide nanoparticles. Simultaneously, there is a decrease in the
intensity of the band at ν = 1220 cm−1. The observed phenomenon indicates that some
of the hydroxyl groups of the polyanion did not realize out-of-plane bending vibrations.
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These hydroxyl groups take part in the interaction with the particles of the inorganic phase,
forming coordination bonds with cerium ions on the surface of the nanoparticles.

Polymers 2023, 15, x FOR PEER REVIEW 8 of 12 
 

 

 
Figure 6. SEM image of cerium-containing products based on CMC: composite with 6.4 wt.% Ce4+ 
(1); composite with 7.1 wt.% Ce4+ (2); composite with 9 wt.% Ce4+ (3); composite with 11.0 wt.% Ce4+ 
(4); composite with 14.1 wt.% Ce4+ (5). 

 
Figure 7. IR spectra of cerium-containing products based on CMC: pure CMC (1), composite with 
6.4 wt.% Ce4+ (2); composite with 7.1 wt.% Ce4+ (3); composite with 9 wt.% Ce4+ (4); composite with 
11.0 wt.% Ce4+ (5); composite with 14.1 wt.% Ce4+ (6). 

Figure 7. IR spectra of cerium-containing products based on CMC: pure CMC (1), composite with
6.4 wt.% Ce4+ (2); composite with 7.1 wt.% Ce4+ (3); composite with 9 wt.% Ce4+ (4); composite with
11.0 wt.% Ce4+ (5); composite with 14.1 wt.% Ce4+ (6).

Thus, nanoparticles are included in the composition of the polymer matrix due to
the implementation of interactions between surface cerium ions and functional groups of
carboxymethyl cellulose. Carboxyl groups of the polysaccharide form electrostatic contacts
with nanoparticles. In addition, the formation of the composite results in the destruction
of the system of hydrogen bonds with the participation of carboxyl groups of the initial
CMC. Due to this effect, the formation of a system of coordination bonds between the
hydroxyl groups of polysaccharides and cerium ions on the surface of nanoparticles is
possible. That, in turn, is an additional factor that increases the stability of nanoparticles
and their aggregative stability. The scheme of the stabilized nanoparticles is presented in
Figure 8.
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4. Discussion

A one-pot synthesis of fine dispersed CeO2 nanoparticles could be carried out at room
temperature by direct synthesis in a solution of CMC. The formation of nanoparticles
occurs in several stages. First, cerium (IV) from the dissolved (NH4)2Ce(NO3)6 undergoes
reduction to cerium (III) in the form of cerium hydroxide, which undergoes oxidation by
air oxygen dissolved in water. The growth of the nanoparticles is restricted by a stabilizing
agent—CMC. Using different CMC-to-cerium molar ratios, a series of nanocomposites
was obtained. The morphology and the size of the inorganic nanoparticles stabilized with
CMC was studied using TEM. For the all studied compositions of the reaction mixtures
the resulting nanoparticles had a spherical shape and a mean diameter of 2–3 nm. Thus,
CMC restricts the growth of nanoparticles, providing effective stabilization of the inorganic
surface with carboxylate and hydroxyl functional groups. It should be stressed that not only
electrostatic but coordination contacts as well provide the stabilization of the nanoparticles.
The SEM experiments demonstrated a violation of the continuous film structure of the
CMC after the formation of the nanocomposites. In the initial CMC film the intra- and
intermolecular hydrogen bonds of the polymer supply the smooth, non-porous structure.
The formation of the nanoparticles and their incorporation in the polymer matrix result in
destruction of the internal structure of the polymer film due to a change in the function of
coordination bonds from stabilization of the film to stabilization of the nanoparticles.

The nature and the structural type of the nanoparticles formed were determined
using XRD and TEM analyses. Dark field TEM images of the nanocomposites allows
one to estimate the crystalline nature of the inorganic phase. Diffractograms of these
particles confirm the crystalline structure of the nanoparticles. However, due to the small
size of inorganic particles no detailed information about the structure could be obtained
with diffractometer-integrated TEM. The XRD analysis confirmed that the nanoparticles
represent themselves as crystals of CeO2. For the CeO2 powder the characteristic peaks
should be observed at angles 2θ = 28.4◦, 34.38◦, 47.6◦, and 57◦. The obtained values of 2θ
correspond to the following parameters of the CeO2 crystalline lattice: 110; 004; 220; 214;
311. With the increase in the inorganic phase share in the nanocomposites, the reflections
corresponding to the crystalline lattice of CeO2 become more intensive. No additional
peaks arise with the increase in the Ce(IV)-to-CMC ratio in the nanocomposite, confirming
that the structure of inorganic nanoparticles does not depend on ratio of the components in
the reaction mixture.

To support the proposed nature of the stabilization of CeO2 nanoparticles with groups
of CMC, IR spectroscopy was applied. The initial spectrum of the CMC contains char-
acteristic peaks at 1740 cm−1, 1688 cm−1, 1420 cm−1, and 1220 cm−1 reflecting carboxyl,
carboxylate, and hydroxyl groups. The formation of nanocomposites results in the van-
ishing of the 1740 cm−1 peak, which reflects the formation of intra- and intermolecular
hydrogen bonds. At the same time, the intensive peaks reflecting carboxylate groups were
retained in the spectra of the nanocomposites. Hence, the stabilization of the nanoparticles
is supplied by electrostatic interactions. Transformation of the 1220 cm−1 peak from a wide
to a sharp shape with the increase in the cerium content reflects the incorporation of the
hydroxyl groups of CMC in interactions with the surface of the inorganic particles.

We suggest that geometrically surrounded nanoparticles of cerium oxide are stabilized
with both carboxylate and hydroxyl groups of CMC. The first one ensures electrostatic
stabilization while the second one is responsible for the coordination contacts. The dual
action of these groups results in effective stabilization of the nanoparticles with a relatively
small size.

5. Conclusions

Nanocomposites consisting of CeO2 nanoparticles stabilized by carboxymethyl cellu-
lose macromolecules were obtained. In the resulting nanocomposites, the content of the
inorganic component was determined with UV spectrophotometry. The nanocomposites
were also characterized by TEM, SEM, XRD, and IR spectroscopy. It has been found that
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varying the ratio of the components of the reaction mixture in the course of synthesis makes
it possible to obtain nanocomposites with different contents of the inorganic phase while
the size and morphology of the nanoparticles did not depend on the reaction mixture
composition. The nanoparticles had a spherical shape with an average diameter of 2–3 nm.
It was demonstrated that the type of crystal lattice of the nanoparticles corresponds to
the structure of CeO2.The type of crystal structure did not depend on the ratio of the
components in the reaction mixture as well. With the use of a combination of SEM and
IR spectroscopy, it has been demonstrated that the stabilization of the nanoparticles is
attributed to both electrostatic and coordination contacts of the inorganic surface with
the macromolecules. These findings could be useful for the further development and
application of cerium oxide nanoparticles.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/polym15061437/s1, Figure S1: UV spectra of (NH4)2Ce(NO3)6 so-
lutions of various concentrations (a): 0.05 mg/mL (1); 0.1 mg/mL (2); 0.15 mg/mL (3); 0.2 mg/mL (4).
Calibration plot of absorbance of (NH4)2Ce(NO3)6 solutions versus concentration at 310 nm (b).;
Figure S2: TEM images of nanoceria-containing composites of CMC with 7.1 wt.% Ce4+ (a); 9.0 wt.%
Ce4+ (b); 11.0 wt.% Ce4+ (c); 14.1 wt.% Ce4+ (d).

Author Contributions: Conceptualization, V.V.S.; methodology, M.I.A., A.V.K. and S.B.Z.; validation,
V.V.S.; formal analysis, V.V.S.; investigation, V.V.S., S.A.M., V.A.P., S.B.Z. and A.V.S.; resources, V.V.S.;
data curation, V.V.S.; writing—original draft preparation, V.V.S.; writing—review and editing, A.V.S.;
visualization, V.V.S.; supervision, V.V.S.; project administration, V.V.S.; funding acquisition, V.V.S. All
authors have read and agreed to the published version of the manuscript.

Funding: This research was funded by the Ministry of Science and Higher Education of the Russian
Federation, project No. 13.1902.21.0017.

Institutional Review Board Statement: Not applicable.

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Liu, Y.H.; Zuo, J.C.; Ren, X.F. Synthesis and character of cerium oxide (CeO2) nanoparticles by the precipitation method.

Metalurgija 2019, 53, 463–465.
2. Farahmandjou, M.; Zarinkamar, M.; Firoozabadi, T.P. Synthesis of cerium oxide (CeO2) nanoparticles using simple CO-

precipitation method. Rev. Mex. Fis. 2016, 62, 496–499.
3. Ketzial, J.; Jasmine, A.; Nesaraj, S. Synthesis of CeO2 nanoparticles by chemical precipitation and the effect of a surfactant on the

distribution of particle sizes. J. Ceram. Process. Res. 2011, 12, 74–79.
4. Soren, S.; Jena, S.R.; Samanta, L.; Parhi, P. Antioxidant Potential and Toxicity Study of the Cerium Oxide Nanoparticles Synthesized

by Microwave-Mediated Synthesis. Appl. Biochem. Biotechnol. 2015, 177, 148–161. [CrossRef] [PubMed]
5. Pinjari, D.V.; Pandit, A.B. Room temperature synthesis of crystalline CeO2 nanopowder: Advantage of sonochemical method

over conventional method. Ultrason. Sonochem. 2011, 18, 1118–1123. [CrossRef]
6. Masui, T.; Hirari, H.; Imanaka, N.; Adachi, G.; Sakata, T.; Mori, H. Synthesis of cerium oxide nanoparticles by hydrothermal

crystallization with citric acid. J. Mater. Sci. Lett. 2002, 21, 489–491. [CrossRef]
7. Masui, T.; Hirari, H.; Hamada, R.; Imanaka, N.; Adachi, G.; Sakata, T.; Mori, H. Synthesis and Characterization of Cerium Oxide

Nanoparticles Coated With Turbostratic Boron Nitride. J. Mater. Chem. 2003, 13, 622–627. [CrossRef]
8. Jalilpour, M.; Fathalilou, M. Effect of aging time and calcination temperature on the cerium oxide nanoparticles synthesis via

reverse co-precipitation method. Int. J. Phys. Sci. 2012, 7, 944–948.
9. Gao, F.; Lu, Q.; Komarneni, S. Fast synthesis of cerium oxide nanoparticles and nanorods. J. Nanosci. Nanotechnol. 2006, 6,

3812–3819. [CrossRef] [PubMed]
10. Hosseini, M.; Amjadi, I.; Mohajeri, M.; Mozafari, M. Sol–Gel Synthesis, Physico-Chemical and Biological Characterization of

Cerium Oxide/Polyallylamine Nanoparticles. Polymers 2020, 12, 1444. [CrossRef]
11. Pujar, M.S.; Hunagund, S.M.; Desai, V.R.; Patil, S.; Sidarai, A.H. One-step synthesis and characterizations of cerium oxide

nanoparticles in an ambient temperature via Co-precipitation method. AIP Conf. Proc. 2018, 1942, 050026.

42



Polymers 2023, 15, 1437

12. Kockrick, E.; Schrage, C.; Grigas, A.; Geiger, D.; Kaskel, S. Synthesis and catalytic properties of microemulsion-derived cerium
oxide nanoparticles. J. Solid State Chem. 2008, 181, 1614–1620. [CrossRef]

13. Annis, J.W.; Fisher, J.M.; Thompsett, D.; Walton, R.I. Solvothermal Synthesis Routes to Substituted Cerium Dioxide Materials.
Inorganics 2021, 9, 40. [CrossRef]

14. Tumkur, P.P.; Gunasekaran, N.K.; Lamani, B.R.; Nazario Bayon, N.; Prabhakaran, K.; Hall, J.C.; Ramesh, G.T. Cerium Oxide
Nanoparticles: Synthesis and Characterization for Biosafe Applications. Nanomanufacturing 2021, 1, 176–189. [CrossRef]

15. Bumajdad, A.; Eastoe, J.; Mathew, A. Cerium oxide nanoparticles prepared in self-assembled systems. Adv. Colloid Interface Sci.
2009, 147–148, 56–66. [CrossRef]

16. Elahi, B.; Mirzaee, M.; Darroudi, M.; Oskuee, R.K.; Sadri, K.; Amiri, M.S. Preparation of cerium oxide nanoparticles in Salvia
Macrosiphon Boiss seeds extract and investigation of their photo-catalytic activities. Ceram. Int. 2019, 45, 4790–4797. [CrossRef]

17. Thakur, N.; Manna, P.; Das, J. Synthesis and biomedical applications of nanoceria, a redox active nanoparticle. J. Nanobiotechnol.
2019, 17, 84. [CrossRef]

18. Saifi, M.A.; Seal, S.; Godugu, C. Nanoceria, the versatile nanoparticles: Promising biomedical applications. J. Control. Release 2021,
338, 164–189. [CrossRef]

19. Rajeshkumar, S.; Naik, P. Synthesis and biomedical applications of Cerium oxide nanoparticles—A Review. Biotechnol. Rep. 2018,
17, 1–5. [CrossRef] [PubMed]

20. Lord, M.S.; Berret, J.F.; Singh, S.; Vinu, A.; Karakoti, A.S. Redox Active Cerium Oxide Nanoparticles: Current Status and Burning
Issues. Small 2021, 17, 2102342. [CrossRef]

21. Habib, S.; Fayyad, E.; Nawaz, M.; Khan, A.; Shakoor, R.A.; Kahraman, R.; Abdullah, A. Cerium Dioxide Nanoparticles as Smart
Carriers for Self-Healing Coatings. Nanomaterials 2020, 10, 791. [CrossRef] [PubMed]

22. Ferreira, C.A.; Ni, D.; Rosenkrans, Z.T.; Cai, W. Scavenging of reactive oxygen and nitrogen species with nanomaterials. Nano Res.
2018, 11, 4955–4984. [CrossRef] [PubMed]

23. Nelson, B.; Johnson, M.; Walker, M.; Riley, K.; Sims, C. Antioxidant Cerium Oxide Nanoparticles in Biology and Medicine.
Antioxidants 2016, 5, 15. [CrossRef] [PubMed]

24. Alpaslan, E.; Yazici, H.; Golshan, N.H.; Ziemer, K.S.; Webster, T.J. pH-Dependent Activity of Dextran-Coated Cerium Oxide
Nanoparticles on Prohibiting Osteosarcoma Cell Proliferation. ACS Biomat. Sci. Eng. 2015, 1, 1096–1103. [CrossRef]

25. Thiagarajan, S.; Price, E.; Connors, L.; Dettman, A.; Koh, A.S. Study of n-Alkanethiol Self-Assembly Behavior on Iron Particles:
Effect of Alkyl Chain Length and Adsorption Solvent on Resulting Iron-Based Magnetorheological Fluids. Langmuir 2022, 38,
13506–13521. [CrossRef]

26. Spiridonov, V.V.; Liu, X.Y.; Zezin, S.B.; Panova, I.G.; Sybachin, A.V.; Yaroslavov, A.A. Hybrid nanocomposites of carboxymethyl
cellulose cross-linked by in-situ formed Cu2O nanoparticles for photocatalytic applications. J. Organomet. Chem. 2020, 914, 121180.
[CrossRef]

27. Sun, S.; Zeng, H. Size-Controlled Synthesis of Magnetite Nanoparticles. J. Am. Chem. Soc. 2002, 124, 8204–8205. [CrossRef]
28. Kim, D.K.; Mikhaylova, M.; Zhang, Y.; Muhammed, M. Protective Coating of Superparamagnetic Iron Oxide Nanoparticles.

Chem. Mater. 2003, 15, 1617–1627. [CrossRef]
29. Mkrtchyan, K.V.; Pigareva, V.A.; Zezina, E.A.; Kuznetsova, O.A.; Semenova, A.A.; Yushina, Y.K.; Tolordava, E.R.; Grudistova,

M.A.; Sybachin, A.V.; Klimov, D.I.; et al. Preparation of Biocidal Nanocomposites in X-ray Irradiated Interpolyelectolyte
Complexes of Polyacrylic Acid and Polyethylenimine with Ag-Ions. Polymers 2022, 14, 4417. [CrossRef]

30. Thivya, P.; Akalya, S.; Sinija, V.R. A comprehensive review on cellulose-based hydrogel and its potential application in the food
industry. Appl. Food Res. 2022, 2, 100161. [CrossRef]

31. Xu, W.; Li, Z.; Shi, S.; Qi, J.; Cai, S.; Yu, Y.; O’Carroll, D.M.; He, F. Carboxymethyl cellulose stabilized and sulfidated nanoscale
zero-valent iron: Characterization and trichloroethene dechlorination. Appl. Cat. B 2020, 262, 118303. [CrossRef]

32. Salem, S.S.; Hashem, A.H.; Sallam, A.-A.M.; Doghish, A.S.; Al-Askar, A.A.; Arishi, A.A.; Shehabeldine, A.M. Synthesis of Silver
Nanocomposite Based on Carboxymethyl Cellulose: Antibacterial, Antifungal and Anticancer Activities. Polymers 2022, 14, 3352.
[CrossRef]

33. Altam, A.A.; Zhu, L.; Huang, W.; Huang, H.; Yang, S. Polyelectrolyte complex beads of carboxymethylcellulose and chitosan: The
controlled formation and improved properties. Carbohyd. Polym. Technol. Appl. 2021, 2, 100100. [CrossRef]

34. Spiridonov, V.V.; Panova, I.G.; Makarova, L.V.; Afanasov, M.I.; Zezin, S.B.; Sybachin, A.V.; Yaroslavov, A.A. The one-step synthesis
of polymer-based magnetic γ-Fe2O3/carboxymethyl cellulose nanocomposites. Carbohyd. Polym. 2017, 177, 269–274. [CrossRef]
[PubMed]

35. Klimov, D.I.; Zezina, E.A.; Lipik, V.C.; Abramchuk, S.S.; Yaroslavov, A.A.; Feldman, V.I.; Sybachin, A.V.; Spiridonov, V.V.; Zezin,
A.A. Radiation-induced preparation of metal nanostructures in coatings of interpolyelectrolyte complexes. Rad. Phys. Chem. 2019,
162, 23–30. [CrossRef]

36. Glavee, G.N.; Klabunde, K.J.; Sorensen, C.M.; Hadjapanayis, G.C. Borohydride reductions of metal ions. A new understanding of
the chemistry leading to nanoscale particles of metals, borides, and metal borates. Langmuir 1992, 8, 771–773. [CrossRef]

43



Polymers 2023, 15, 1437

37. Calvache-Muñoz, J.; Prado, F.A.; Rodríguez-Páez, J.E. Cerium oxide nanoparticles: Synthesis, characterization and tentative
mechanism of particle formation. Colloids Surf. A 2017, 529, 146–159. [CrossRef]

38. Cuba-Chiem, L.T.; Huynh, L.; Ralston, J.; Beattie, D.A. In Situ Particle Film ATR FTIR Spectroscopy of Carboxymethyl Cellulose
Adsorption on Talc: Binding Mechanism, pH Effects, and Adsorption Kinetics. Langmuir 2008, 24, 8036–8044. [CrossRef] [PubMed]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

44



Citation: Martín-Alonso, M.D.;

Salaris, V.; Leonés, A.; Hevilla, V.;

Muñoz-Bonilla, A.; Echeverría, C.;

Fernández-García, M.; Peponi, L.;

López, D. Centrifugal Force-Spinning

to Obtain Multifunctional Fibers of

PLA Reinforced with Functionalized

Silver Nanoparticles. Polymers 2023,

15, 1240. https://doi.org/10.3390/

polym15051240

Academic Editor: Sergio Torres-Giner

Received: 31 January 2023

Revised: 23 February 2023

Accepted: 24 February 2023

Published: 28 February 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

polymers

Article

Centrifugal Force-Spinning to Obtain Multifunctional Fibers of
PLA Reinforced with Functionalized Silver Nanoparticles
María Dolores Martín-Alonso 1,2 , Valentina Salaris 1 , Adrián Leonés 1, Víctor Hevilla 1 ,
Alexandra Muñoz-Bonilla 1 , Coro Echeverría 1, Marta Fernández-García 1 , Laura Peponi 1,*
and Daniel López 1,*

1 Instituto de Ciencia y Tecnología de Polímeros (ICTP-CSIC), Calle Juan de la Cierva 2, 28006 Madrid, Spain
2 IMDEA Materials Institute, Calle Eric Kandel 2, 28906 Getafe, Spain
* Correspondence: lpeponi@ictp.csic.es (L.P.); daniel.l.g@csic.es (D.L.); Tel.: +34-915-622-900 (L.P. & D.L.)

Abstract: The design and development of multifunctional fibers awakened great interest in bio-
materials and food packaging materials. One way to achieve these materials is by incorporating
functionalized nanoparticles into matrices obtained by spinning techniques. Here, a procedure for
obtaining functionalized silver nanoparticles through a green protocol, using chitosan as a reducing
agent, was implemented. These nanoparticles were incorporated into PLA solutions to study the pro-
duction of multifunctional polymeric fibers by centrifugal force-spinning. Multifunctional PLA-based
microfibers were obtained with nanoparticle concentrations varying from 0 to 3.5 wt%. The effect of
the incorporation of nanoparticles and the method of preparation of the fibers on the morphology,
thermomechanical properties, biodisintegration, and antimicrobial behavior, was investigated. The
best balance in terms of thermomechanical behavior was obtained for the lowest amount of nanopar-
ticles, that is 1 wt%. Furthermore, functionalized silver nanoparticles confer antibacterial activity to
the PLA fibers, with a percentage of killing bacteria between 65 and 90%. All the samples turned
out to be disintegrable under composting conditions. Additionally, the suitability of the centrifugal
force-spinning technique for producing shape-memory fiber mats was tested. Results demonstrate
that with 2 wt% of nanoparticles a good thermally activated shape-memory effect, with high values
of fixity and recovery ratios, is obtained. The results obtained show interesting properties of the
nanocomposites to be applied as biomaterials.

Keywords: centrifugal force-spinning; PLA; nano/micro fibers; biopolymers; nanoparticles;
nanocomposites

1. Introduction

Nowadays, the growing interest in multifunctional polymeric-based materials is a key
factor to be focused on. Among them, shape-memory polymers (SMPs) play an important
role. In particular, shape-memory polymers are a class of smart materials able to recover
their original shape from a previously temporary programmed shape when exposed to
external stimuli of different nature such as temperature, moisture, pH, light, etc. [1–4].
Therefore, the shape-memory effect (SME) results from a combination of polymer chem-
istry, morphology, and a specific processing condition. SMPs possess tremendous potential
in many fields as minimally invasive medical devices, actuators, sensors, and smart textiles,
among others [5–9]. Depending on the processing of the materials and of their final struc-
tures, different types of shape-memory blocks, shape-memory foams, shape-memory fibers,
and shape-memory films can be obtained [10–12]. Recently, SMPs with fibrous structures
are gaining interest in applications that imply contact with the human body such as smart
textiles or scaffolds for regenerative medicine. In this sense, two main factors have to be
considered, that is, on the one hand, the obtention of polymeric fibrous structures, and
the use of biocompatible and or biodegradable polymers, on the other hand [13,14]. In
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this regard, the electrospinning process has been recognized as one of the most attractive
technologies to produce fibrous structures, thanks to the advantageous high porosity and
specific surface area obtained [14–17]. The electrospinning process is a simple, extremely
versatile, and low-cost process for obtaining polymeric fibers recently scaled up at the
industrial level, that can find several applications in biomedicine but also in food packag-
ing and agriculture [18–24]. In fact, by solution electrospinning, it is possible to produce
multifunctional thin polymeric materials in the form of woven non-woven fibers mats from
polymeric solutions subjected to high electric voltage and at room temperature [25,26].
Electrospinning is currently the most popular method for producing polymer nano and
microfibers. However, high voltage, which is sensitive to the dielectric constant, safety
concerns, and low fiber yields limit the application of electrospinning [27]. The search for
a method that would minimize, or even eliminate, many of the limitations encountered
in electrospinning is focused on increasing material choice, improving production rate,
and lowering fiber costs through an environmentally friendly process. In the centrifugal
force-spinning method, the electric field, used in the electrospinning process, is replaced
by centrifugal forces [28,29]. The combination of centrifugal forces with multiple configu-
rations of easily interchangeable spinnerets makes centrifugal force-spinning a versatile
method that overcomes many of the limitations of existing processes, namely, high electric
fields and a solution that is typically dielectric. These changes significantly increase the
selection of materials by allowing both non-conductive and conductive solutions to be
spun into nanofibers [28,30,31]. If necessary, a high-temperature solvent can also be used
by heating the spinneret holding the material of interest. Additionally, solid materials can
be melted and spun without the need for chemical preparation and, therefore, for solvent
recovery since no solvent is involved in the process [32].

Among polymers frequently used in solution electrospinning, poly(lactic acid), PLA, a
non-petrochemical biodegradable polymer, is considered of high interest for food packaging
applications as well as for the biomedicine field. PLA shows high tensile strength and elastic
modulus, biocompatibility, and degradability under physiological conditions into non-toxic
products, making of PLA an ideal material for practical use in contact with the human
body. This versatile polymer is known to exhibit a thermo-responsive shape-memory
effect, activated by its glass transition temperature (Tg) acting as transition temperature,
around 60 ◦C [13,33,34]. However, its Tg is much higher than the human body temperature,
together with its brittleness, poor toughness, and elongation at break < 10%, which limits
its direct use in biomedical applications. Thermally-activated shape-memory effect, in
general, and, in particular, in PLA is achieved by heating up to a switching temperature
(Tsw) higher than its Tg in the case of PLA, at which polymer chains have enough mobility
to recover the original form from a temporary shape previously fixed. Thus, to consider the
thermally-activated shape-memory effect of PLA as a suitable way to change the temporary
form of devices for biomedical applications, a Tsw closer to the human body has to be
achieved [13,35].

Moreover, unique mechanical, electrical, chemical, and optical properties have been
achieved by modifying polymers, fibers or not, with the addition of nanoparticles (NPs),
obtaining polymeric nanocomposites with both enhanced and functional properties just
compared with the neat matrix. Amounts, size, and proper distribution of NPs into the
polymer matrix can effectively control the properties of these nanocomposites [5]. Recently,
the utilization of polymers with embedded silver (Ag) NPs have attracted much attention
mainly due to their antimicrobial activities [36]. Silver NPs show antibacterial activity
toward germs on contact without the release of toxic biocides. Therefore, the antimicrobial
properties of Ag NPs can be considered non-toxic and environmentally friendly materials
in biomedical applications. The Ag-NPs-filled polymeric materials have to release the
Ag ions to a pathogenic environment continuously in order to be efficacious. Therefore,
silver nanoparticles gain attention due to their remarkable and unique optical, mechanical,
and catalytic properties in addition to their conductivity, heat transfer, and many other
excellent applications in biomedical fields. Moreover, Ag NPs have been approved for use
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in food-contact polymers in the USA and the European Union, after previous consideration
of the use conditions [37,38]. Consequently, the development of stable NPs is presented in
a wide range of applications in the field of biomedical science. Inorganic noble metal NPs
are proven for their antimicrobial properties [37–39].

NPs can be synthesized by different physicochemical methods and they need to reach
an optimal dispersion into the polymeric matrix, obtained by modifying them through
physical or chemical functionalization. Recently, attention has been paid to the synthesis
under eco-friendly conditions of silver and gold (Au) nanoparticles [37] by using chitosan
instead of sodium borohydride, NaBH4, as reducing agent and citrate, or ascorbate, which
are associated with environmental toxicity or biological hazards. Chitosan (CH), is one of
the well-known and most used biopolymers, derivative of chitin. In fact, thanks to their
large amount of free amino and hydroxyl groups, under the proper thermal conditions, they
can be used as reducing and stabilizing agents for the synthesis of Ag and Au nanoparticles,
preventing also their aggregation [37,39–41]. This fact is possible, thus, considering that in
proper thermal conditions, as previously reported in the literature, the hydroxyl groups
can be converted into carboxyl groups by air oxidation, which reduces the silver ions [37].

The synthesis of nanoparticles from chitosan has been paid great attention to due to
their biocompatibility, biodegradability, and hydrophilic properties, which endow them
with opportunities for various applications [37]. The polymeric feature of chitosan interacts
with negatively-charged molecules and polymers. Due to the interaction that takes place
between the active amino groups in chitosan and metal nanoparticles, chitosan is chosen as
a protecting agent in the synthesis of metal nanoparticles. Both active amino and hydroxyl
functional groups in chitosan show many remarkable biological activities including antimi-
crobial activity for disease resistance toward a number of human cell types [41]. In this
regard, chitosan can play the role of a reducing agent. The reduction of Ag+ ions is coupled
to the oxidation of the hydroxyl groups in molecular CH and/or its hydrolyzates. The
reducing ability of chitosan depends on its concentration and reaction temperature. Thus,
by optimizing the experimental conditions such as temperature, Ag+, and CH concentra-
tion, monodisperse AgCH NPs with highly antibacterial and antiproliferative activities
could be obtained. Moreover, it is interesting to note that, in this case, chitosan is able to
act as both a reducing agent and stabilizer for the NPs. In fact, the excess of amine and
hydroxyl groups present in the chitosan supports the nucleation as well as the stabilization
of Ag NPs during the process. In other words, the Ag NPs adsorbed on the surface of the
polymer are prevented from further aggregation [39–42].

With this background, in this study, eco-friendly synthesis conditioning to obtain
functionalized silver nanoparticles with a green protocol, based on non-toxic biodegradable
chitosan as a reducing agent, has been implemented to incorporate the nanoparticles
into a PLA solution, with the final aim to study PLA-based reinforced fibers obtained by
centrifugal force-spinning.

2. Materials and Methods
2.1. Materials

Polylactic acid (PLA3051D, 3% of D-lactic acid monomer, molecular weight 142× 104 g/mol,
density 1.24 g/cm3) was supplied from NatureWorks® ((NatureWorks LLC, Min- netonka,
MN, USA). Silver nitrate (AgNO3) and chitosan from shrimp shells with a deacetylation
degree > 75% were purchased from Sigma-Aldrich (St. Quentin Fallavier, France). Acetic
acid and sodium hydroxide were purchased from Fluka (Seelze, Germany).

2.2. Synthesis of Based Chitosan Silver Nanoparticles

Chitosan-based silver nanoparticles (AgCH-NPs) were synthesized by a method
described elsewhere [36]. Typically, 4.5 mL of a solution 52.0 mM of AgNO3 and 10 mL of a
solution of chitosan of concentration 6.92 mg/mL in 1% acetic acid were mixed and heated
at 95 ◦C under stirring for 12 h in an argon-purified reactor. The dispersions obtained
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were dialyzed for six days with distilled water using dialysis membranes with a MWCO of
6000–8000 Da [36].

2.3. Preparation of Poly(Lactic Acid) Forced-Fibers Containing AgCH-NPs

Experimental conditions for centrifugal force-spinning were established after con-
ducting an exploratory study in which the concentration of the PLA solution was varied
from 2 to 20 wt% and the rotation speed was varied between 6000 and 10,000 rpm, with a
fixed distance spinneret-collector of 10 cm. The criteria for fixing the spinning parameters
were based on the best results obtained in terms of fiber production, mesh homogeneity,
and absence of defects. In this way, appropriate amounts of PLA and AgCH-NPs were
mixed in a two-mouth flask with a shovel shaker at 700 rpm. PLA pellets were previously
dried overnight at 60 ◦C, in order to avoid the presence of moisture. The final volume
(PLA solution + NPs solution) was kept constant at 25 mL. Briefly, PLA solution was
first prepared by mixing the polymer with the appropriate amount of CHCl3, in order to
maintain a fixed concentration of PLA 12 %w/v in the final solution, by magnetic stirring.
AgCH NPs dispersed in the appropriate amount of CHCl3 were added dropwise while
the PLA solution was stirred with a shovel shaker at 300–400 rpm. Once the amount of
nanoparticles was added, the solution was mixed for 20 min at 700 rpm of stirring to ensure
the homogenous dispersion of NPs. Finally, these mixtures were taken to the force-spinning
equipment (see Scheme 1) to produce forced-fibers, f-fibers. A total amount of 25 mL of the
PLA/AgCH-NPs solution was injected into the needle-based spinneret (needle gauge of
0.4 mm). The solution was spun at 6500 rpm and collected as mats, which were wrapped
into an aluminum foil (see Scheme 1). The spinneret-collector distance was kept constant
at 10 cm.

Scheme 1. Methodology followed in the experimental procedure to obtain the f-fibers.

2.4. Characterization Techniques

A Philips XL30 scanning electron microscope ((SEM, Phillips, Eindhoven, The Nether-
lands), with an accelerating voltage of 10 kV, work distance of 10–15 mm was used to record
SEM micrographs of samples and observe changes produced by the different amount of
nanofillers (AgCH-NPs). Each specimen was gold-coated (~5 nm thickness) in a Polaron
SC7640 Auto/Manual Sputter (Quorum Technoligies, Newheaven, U.K.).

Images of nanoparticles were taken using a Field Emission Scanning electron mi-
croscopy (FE-SEM) Hitachi SU 8000 with an acceleration voltage of 30 kV.

UV-vis spectroscopy was performed on a Lamda 35 Perkin Elmer instrument (Perkin
Elmer Spain, S.L., Madrid, Spain).

Fourier transform infrared (FTIR) spectra were recorded for all the samples using
a Spectrum-One Perkin Elmer (Perkin Elmer Spain, S.L., Madrid, Spain) spectrometer
between 650 and 4500 cm−1 spectral range with a 4 cm−1 resolution. A background
spectrum was acquired before every sample and all samples were vacuum-dried prior
to measurement.
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Thermal transitions and stability of neat PLA as well as nanocomposites with different
amounts of AgCH-NPs f-fibers, were studied by differential scanning calorimetry (DSC)
and thermogravimetric analysis (TGA) in a DSC Q2000 and TA-Q500 apparatus both from
TA Instruments (TA Instruments, New Castle, DE, USA), respectively. In the DSC, samples
were heated from −60 ◦C up to 180 ◦C at 10 ◦C/min under a N2 atmosphere (flow rate
of 50 mL/min). Glass transition temperatures (Tg), calculated as the midpoint of the
transition, melting temperatures (Tm), and both cold crystallization (∆Hcc) and melting
(∆Hm) enthalpies were calculated by analyzing the thermograms in the TA Universal
Analysis software. The degree of crystallinity (Xc%) was, therefore, obtained from Equation
(1), using 93.6 J/g as the crystallization enthalpy value for pure crystalline PLA (∆H0m) [43].
Wf represents the weight fraction of pure PLA present in the sample (Wf =1 −mf, where
mf is the weight fraction of the nanoparticles in the nanocomposite):

Xc % =
∆Hm − ∆Hcc

∆H0m
× 1

Wf
× 100 (1)

Tensile tests were carried out in an Instron instrument equipped with a 100 N load
cell, operated at room temperature and at a crosshead speed of 10 mm/min. The initial
length between clamps was set at 10 mm, samples of 5 mm width and ~80 µm of average
thickness were measured and results from five to ten specimens were averaged. The
Young’s modulus (slope of the curve from 0–2% deformation), maximum stress, ultimate
tensile strength, and elongation at break were calculated.

Thermally-activated shape-memory characterization has been performed by dynamic
mechanical thermal analysis (DMTA) in a DMA Q800 TA instruments (TA Instruments,
New Castle, DE, USA), by using thermo-mechanical cyclic tests. The instrument was set in
controlled force mode and four different stages were defined for each cycle:

• the sample was equilibrated at the chosen switching temperature (Tsw) for 5 min, in
this case, the Tg of PLA matrix, 60 ◦C;

• ramp stress of 0.2 MPa min−1 was applied until the sample reached 50% of deformation;
• the sample was subsequently cooled at a fixing temperature (Tfix) of 10 ◦C under

constant stress in order to fix the temporary shape;
• after releasing the stress at 0.50 MPa min−1, the sample was heated at 3 ◦C min−1 up

to Tsw and maintained for 30 min in order to recover the initial permanent shape.

Sample dimensions for the DMTA and shape-memory tests were the same as for the
previously described mechanical tests. The quantification of the shape-memory behavior
was carried out by calculating the strain fixity ratio (Rf) and the strain recovery ratio (Rr)
given by Equations (2) and (3), respectively [13,44]:

Rf(N) = 100× εu(N)

εm (N)
(2)

Rr(N) = 100× εm(N)− εp(N)

εm(N)− εp(N− 1)
(3)

where ε m is the maximum strain after cooling to Tfix and before releasing the stress, εu is
the fixed strain after releasing the stress at Tfix and εp is the residual strain after retaining
the sample at Tsw for 30 min. In particular, Rf indicates the ability of the material to fix the
temporary shape, and Rr, its capability to recover its original shape.

To study the crystalline structure of the plasticized PLA nanocomposite films, a
Bruker D8 Advance X-ray diffractometer (Bruker, Madrid, Spain) equipped with a CuKα
(λ = 0.154 nm) source was used. Samples were mounted on an appropriate holder and
scanned between 2◦ and 60◦ (2θ) with a scanning step of 0.02◦, a collection time of 10 s per
step, and 40 kV of operating voltage.

Antimicrobial activity of the prepared nanocomposites was determined following the
E2149-13a standard method of the American Society for Testing and Materials (ASTM) [45]
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against Staphylococcus aureus (S. aureus, ATCC 29213) bacteria. Each nanocomposite was
placed in a sterile falcon tube containing bacterial suspension (ca. 104 colony forming units
(CFU)/mL in phosphate-buffered saline, pH 7.4). Falcon tubes with only the inoculum and
neat PLA were also prepared as control experiments. The samples were shaken at room
temperature at 150 rpm for 24 h. Bacterial concentrations at time 0 and after 24 h were
calculated by the plate count method. The measurements were made at least in triplicate.

The biodegradation test for all the samples was conducted under aerobic composting
conditions in a laboratory-scale reactor following the ISO-20200 standard [46,47]. Briefly,
samples were cut into square geometries of 15 mm × 15 mm and buried 4–6 cm in depth
inside reactors containing solid biodegradation media 10 wt% of compost (Compo, Spain),
30 wt% of rabbit food, 10 wt% of starch, 5 wt% of sugar, 1 wt% of urea, 4 wt% of corn oil,
40 wt% of sawdust and water in a 45:55 wt% ratio) and incubated at 58 ◦C for 30 days.
Samples were kept in textile meshes to allow easy removal from the composting medium,
while when buried access to microorganisms and moisture was ensured. Water was
periodically added to the reaction containers in order to maintain the relative humidity
in the medium, and the aerobic conditions were guaranteed by regular mixing of the
compost medium. Samples were recovered from the disintegration medium at different
time intervals (7, 17, 21, 28, 36, and 44 days), cleaned carefully, and dried in an oven at
37 ◦C until constant weight. The mass loss weight % was calculated by normalizing the
sample weight at different incubation times to the initial weight value. Photographs were
taken from samples once extracted from the composting medium.

3. Results and Discussion

Firstly, the synthesis of AgCH-NPs was carried out and confirmed by FE-SEM, UV-Vis
analysis as well as by crystallography analysis, as reported in Figure 1a–c, respectively.
In particular, the morphology of AgCH-NPs was studied by FE-SEM. Figure 1a shows a
representative microphotograph, which reveals a spherical morphology with an average
diameter of ~8 ± 1 nm. This result agrees with previously reported values for samples
obtained by the same procedure [48]. In addition, from the UV–Vis analysis, the charac-
teristic surface plasmon resonance of silver, centered in 420 nm is obtained by studying
the AgCH-NPs solution after lyophilization of the reduced solution of silver nitrate with
chitosan [49].

Figure 1. (a) FE-SEM micrograph at 100,000 magnification of chitosan-based silver nanoparticles
(AgCH-NPs) prepared by reducing AgNO3 in a chitosan solution. (b) UV–Vis absorption spectra of
chitosan-based silver nanoparticles (AgCH-NPs). (c) XRD spectrum of synthesized AgCH-NPs.

Meanwhile, in Figure 1b, XRD has been used in order to identify the characteristic
peaks at 38◦ and 44◦, which indicates face-centered cubic Ag crystals, the presence of
chitosan at about 20◦ and the peaks at about 28◦, 32◦ and 46◦ which correspond to the
plane (110), (111) and (211) of Ag2O [50].

In fact, it is known that chitosan always contains bound water (~5%) even when it
has been dried to the extreme. The incorporation of bound water into the crystal lattice,
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commonly termed hydrated crystals, generally gives rise to a more dominated polymorph
which can be detected by a broad crystalline peak in the corresponding X-ray pattern. The
peak registered near 20.2◦ is reported to be the indication of the relatively regular crystal
lattice (040) of chitosan [51].

Therefore, once the functionalized nanoparticles are obtained, different concentrations
of them have been used to be dispersed into a PLA solution, as indicated in Table 1, in
order to obtain the reinforced forced-fibers, f-fibers, with different formulations.

Table 1. PLA-AgCH-NPs formulations.

Samples PLA (wt%) AgCH-NPs (wt%)

PLA 100 0
PLA-AgCH-1% 99 1

PLA-AgCH-1.5% 98.5 1.5
PLA-AgCH-2% 98 2
PLA-AgCH-3% 97 3

PLA-AgCH-3.5% 96.5 3.5

Once the f-fibers based on PLA reinforced with different concentrations of AgCH-NPs
were obtained, their morphology was studied by scanning electron microscopy (SEM) as
reported in Figures 2 and 3 for the different concentrations of NPs. In general, for each case,
it is possible to observe that, by adding NPs, the fiber morphology changes, resulting in
fibers with an increasing number of defects and lower homogeneity in size. In particular,
the distribution of f-fibers diameters can be centered into different zones depending on
the amount of NPs. For the neat PLA f-fibers, the diameter distribution is centered on a
single point with an average value of about 10 µm, while for f-fibers reinforced with small
amounts of NPs, that is 1, 1.5, and 2 wt%, the diameter distribution obtained presents a
bimodal distribution (Figure 2), with one of them centered at low diameter values, less
than 5 µm, and the other at larger ones between 10 and 20 µm, increased with an increasing
amount of NPs.

Figure 2. SEM images of PLA and PLA-AgCH-NPs reinforced f-fibers at different magnification, with
their corresponding diameter distribution. (a) PLA, (b) 1 wt% AgCH-NPs, (c) 1.5 wt% AgCH-NPs,
(d) 2 wt% AgCH-NPs.
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Figure 3. SEM images of PLA-AgCH-NPs reinforced f-fibers at different magnification, with their
corresponding diameter distribution for high amount of NPS, that is 3 and 3.5 wt% AgCH-NPs.

Different behavior can be found when a high amount of NPs, such as 3 and 3.5 wt%
have been added to the PLA f-fibers, as reported in Figure 3. In fact, the images reflect a
material more heterogeneous, with a big variation on the diameter distribution, in respect
to the others. In particular, in these f-fibers, a new distribution zone is obtained at higher
diameters, centered at about 90 µm.

This phenomenon can be explained due to a critical reinforced effect in PLA when
3 wt% or more AgCH-NPs were added, where the solution cannot be spun correctly,
producing fiber aggregates of ~90 µm in diameter. In fact, a significative change in the
morphology of the reinforced f-fibers is evidenced between PLA reinforced with a low
amount of NPs, PLA-AgCH 1/1.5/2 wt%, and PLA reinforced with a high amount of NPs
PLA-AgCH 3/3.5%.

FTIR spectra of neat PLA, AgCH-NPs, and PLA-AgCH-NPs reinforced f-fibers are
shown in Figure 4a. At 1748 cm−1 there is a carbonyl group stretching vibration band,
and at 1454 cm−1, 1383 cm−1, and 1366 cm−1 appear -CH3 groups, -CH deformation,
and asymmetric bands, respectively. The -C-O- stretching bands appear at 1180 cm−1,
1130 cm−1 and 1085 cm−1. AgCH-NPs spectrum shows the characteristics absorption bands
of chitosan at 1639.49 cm−1 for primary amine, N-H band, 1527.62 cm−1 for secondary
amine, N-H band, and 1388.75 cm−1 for methylene = CH2 CH3 band [52]. A wide band at
1625 cm−1 can be observed in all the reinforced f-fibers spectra, which directly demonstrates
the presence of nanoparticles in all the f-fibers. This wide band can be attributed to N-
H bands of nanoparticles, slightly modified by the presence of PLA. Furthermore, the
difference in height between the characteristic PLA peak of the carbonyl group vibration
and the N-H band characteristic of nanoparticles is represented in Figure 4b for the different
NPs concentrations. It is easy to observe that, for high amounts of NPs, this difference is
reduced, confirming the increased presence of nanoparticles within the f-fibers. Moreover,
it is remarkable the presence of the peak at ~2300 cm−1, only in the reinforced f-fibers.
This indicates an interaction between PLA and AgCH nanoparticles and, therefore, this
peak may be due to C=O-N vibrations, which produces new symmetric and asymmetric
vibrations of the COO− anion [53].

In Figure 5, XRD patterns were recorded for all the samples. Neat PLA exhibits a broad
reflection indicative of its amorphous nature. With the addition of nanoparticles, a slight
tendency to crystallize can be observed, by the appearance of a diffraction peak at 2θ = 16.7◦,
corresponding to (110/200) planes of PLA, the reflection of the α-form crystals [54]. In
addition, new peaks at 2θ = 15.5 ◦ and 2θ = 19.2◦ corresponding to (010) and (203) plane
reflections of PLA chains belonging to α and α′ type crystals were visible, which was also
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consistent with the literature values [54]. This is indicative of the nanoparticles nucleating
effect, and the increase of the long-range ordering of crystal packing. Apparently, if no
intermolecular interactions exist between the two components, each component will form
its own crystalline domains [51] and, thus, the diffraction patterns of the reinforced f-fibers
mats should be the simple superposition of those of each component. The obtained results
signify that two components, chitosan and PLA, have interacted with each other in a certain
manner so that the original crystalline structures of each component have been disturbed
or partially damaged to a different extent, leading to various crystalline structures of the
reinforced f-fibers.

Figure 4. FTIR spectra of PLA, AgCH-NPs and PLA-AgCH-NPs reinforced f-fibers (a) and (b) the
relation in height between the characteristic PLA peak of the carbonyl group vibration (1748 cm−1) to
the N-H band characteristic of nanoparticle (1625 cm−1).

Figure 5. XRD spectra of PLA, AgCH-NPs and PLA-AgCH-NPs reinforced f-fibers.

Moreover, in order to study the effect of the addition of AgCH-NPs on the thermal sta-
bility of PLA as well as on the thermal degradation mechanism, thermogravimetric analysis
was conducted under nitrogen atmosphere. Figure 6 shows weight loss vs. temperature
(Figure 6a) as well as their corresponding derivative curves (Figure 6b), for neat PLA and
PLA-AgCH-NPs reinforced f-fibers.
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Figure 6. Thermogravimetric curves of neat PLA and its nanocomposites with different AgCH-NPs
contents: (a) weight vs temperature curves, (b) derivative curves.

Table 2 collects temperatures at 5% of weight loss for each sample as well as the
maximum degradation temperature and their residue obtained at 700 ◦C. It can be noted
that the degradation mechanism of all the samples is carried out in one step, in Figure 6b.
Thus, in general, TGA results show that the addition of the different amounts of AgCH-NPs
did not significantly affect the thermal degradation of the PLA matrix. It is worth noticing
that there are differences in the curves at high temperatures (700 ◦C), due to the presence of
nanoparticles that decomposed at higher temperatures. This translates into a residue that
fairly matches the real amount of NPs present in each fiber formulation.

Table 2. Temperatures at different weight losses of neat PLA and the different formulations contain-
ing AgCH-NPs.

Samples Tmax T5 T700 Tg (◦C) Tm (◦C) Xc (%)

PLA 350 300 0.73 60 145 0.29
PLA AgCH1% 341 246 1.67 41 148 4.20

PLA AgCH1.5% 357 288 2.22 46 147 6.31
PLA AgCH2% 367 298 2.56 45 146 7.61
PLA AgCH3% 340 262 3.23 44 148 8.05

PLA AgCH3.5% 363 297 3.67 38 147 9.96

Differential scanning calorimetry (DSC) was used to study the Tg, melting temperature,
and degree of crystallization of PLA and their reinforced f-fibers. Figure 7 shows the
thermograms of neat PLA and its AgCH-NPs nanocomposites f-fibers. Glass transition,
melting temperatures, and the degree of crystallinity values are summarized in Table 2.
The addition of AgCH-NPs into PLA resulted in significant differences over Tg values with
respect to the neat matrix.

The addition of AgCH-NPs produced a decrease in Tg values from 60 ◦C to 38–45 ◦C,
as indicated also in Table 2. This plasticizing effect can be explained since AgCH-NPs may
occupy intermolecular spaces between polymer chains, reducing the energy for molecular
motion and the formation of hydrogen bonding between the polymer chains which, in turn,
increases free volume and molecular mobility. Tm values did not show notable differences
when nanoparticles were present.
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Figure 7. Differential scanning calorimetry (DSC) curves of PLA based f-fibers with different amount
of AgCH-NPs contents.

The characteristic mechanical behavior of all the f-fibers formulations studied is sum-
marized in Table 3. Neat PLA showed high elastic modulus, (E), (neat PLA E = 209 MPa;
AgCH-NPs nanocomposites E~1–77 MPa) compared to nanocomposites. All the nanocom-
posites possessed a reduction in the elastic modulus and maximum tensile strength (σmax).
Elongation at break, (ε), decreases with the addition of low amounts of nanoparticles
(1–1.5 wt%), and increases when higher loads are presented in the nanocomposite. The
best balance of mechanical behavior in the nanocomposites was obtained for the lowest
amount of AgCH-NPs tested (1 wt%) having the highest Young’s modulus and maximum
tensile strength of the whole nanocomposites while retaining similar elongation at break.
This sample (1 wt% of AgCH-NPs) is totally amorphous, therefore, the low amount of filler
helps to retain mechanical properties closer to the neat PLA matrix that also possesses the
lowest crystallinity. Thus, it seems that the nanoparticles did not disturb the chain mobility,
allowing for an increased elongation at break, which is also enhanced.

Table 3. Mechanical properties for neat PLA and for formulations of PLA containing AgCH-NPs.

Sample E (MPa) σ (MPa) ε Break (%)

PLA 209.07 ± 46.71 a 9.51 ± 1.79 a 15.79 ± 8.89 a,b

PLA-AgCH 1% 76.73 ± 18.14 b 3.32 ± 0.89 b 11.31 ± 1.69 a,b

PLA-AgCH 1.5% 43.98 ± 15.89 b 1.34 ± 0.47 b 5.92 ± 1.74 a

PLA-AgCH 2% 35.32 ± 6.79 b 1.67 ± 0.74 b 10.04 ± 3.55 a

F ratio 14.02 14.39 3.69
p-Value 0.0000 * 0.0000 * 0.0150 *

Different letters in the column indicate significant differences according to Tukey’s test (p < 0.05). * Values are
significant at p < 0.05.

Once the mechanical and thermal characterizations of the materials were carried out
and in order to evaluate the thermally-activated shape-memory response of the material,
three thermo-mechanical cycles were performed by DMA analysis for each formulation at
60 ◦C. In our previous work, the thermally-activated shape-memory response of woven
non-woven PLA fibers obtained by a similar processing method based on the electrospin-
ning technique was successfully demonstrated at 60 ◦C [13]. Thus, the shape-memory
capability of fibers obtained by the force-spinning technique will be studied in this section
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in order to evaluate the suitability of the force-spinning processing technique for producing
smart materials.

As a preliminary study, we verify that reinforced f-fibers are able to show thermally-
activated shape-memory response, activated by Tg, which means that we studied how
the addition of the higher amount of nanoparticles, that is 2 wt% AgCH NPs, affects the
shape-memory behavior. With this aim, the thermo-mechanical cycles for the reinforced
formulation are reported in Figure 8. In particular, we obtain an important result, that is
PLA f-fibers reinforced with 2 wt% AgCH NPs show thermally-activated shape-memory
response at 60 ◦C. In this case, adding 2 wt% AgCH NPs successfully enhances the ability
to fix the temporary form by obtaining values of higher than 80% for Rf during all the
thermo-mechanical cycles.

Figure 8. 3D thermo-mechanical cycles performed at 60 ◦C for PLA-AgCH-2%.

Additionally, good recovery ratios were reported for each thermo-mechanical cycle
showing the excellent shape recovery of the original shape at 60 ◦C during all the tests
performed with Rr values higher than 90% for all the thermo-mechanical cycles.

Looking at the results obtained by TGA analysis, the degradation temperature ob-
tained for this formulation was 367 ◦C (the highest of all the formulation tested) which
translates into greater compatibility between nanofillers and the polymeric matrix. This
good interaction between AgCH-NPs and PLA matrix improves the fixing capacity of the
fibers while the recoverability of the original shape is preserved, showing recovery ratios
higher than 90% in all the thermo-mechanical cycles.

The effectiveness of these nanocomposites against gram-positive S. aureus bacteria
was evaluated by the ASTM standard method [45]. Figure 9 displays the antibacterial
activity of all nanocomposites represented as the percentage of bacteria kill and their
confidence interval of 95%, which was calculated by the difference between the CFU after
contact with control substrates (PLA and none) and CFUs after contact with the polymeric
nanocomposites. When AgCH-NPs are introduced, this confers antibacterial activity to the
matrix. The behavior against gram-positive bacteria is very effective in fibers since with
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1 wt% of nanoparticles, the killing percentage of bacteria reaches 65% and from 1.5 wt%,
this percentage becomes 90%.

Figure 9. Percentage of killing bacteria for the different nanocomposites. Values having the same
letter are not significantly different for the Tukey test (significance level of p ≤ 0.05).

In order to evaluate the ability of PLA and PLA-AgCH-NPs f-fibers to undergo dis-
integration, firstly, a visual examination of samples at different times when subjected to
composting conditions was performed and results are collected in Figure 10. It should be
taken into account that the degradation experiments took place at 58 ◦C, which is around
the Tg of PLA and higher than the Tg of the nanocomposite f-fibers. The degradation rate
is much greater above the glass transition temperature as polymer chains become more
flexible and water absorption increases, accelerating hydrolysis and microbial attachment.
PLA is susceptible to hydrolysis due to the hydrolyzable functional groups in its backbone.
On the seventh day, fragmentation and weight loss of the composites were already observed
for all samples, especially in low-load fibers.

The environmental degradation process of PLA is affected by its material properties
such as molecular first-order structural (molecular weight, optical purity) and higher order
structures (crystallinity, Tg, and Tm), and by environmental factors such as humidity, tem-
perature, and catalytic species (pH and the presence of enzymes or microorganisms) [55].
Crystalline regions hydrolyze much more slowly than the amorphous regions as water
diffuses more readily into the less organized amorphous regions compared to the more or-
dered crystalline regions, causing greater rates of hydrolysis and increased susceptibility to
biodegradation [46]. This explains the results obtained in Figure 10, the faster degradation
of PLA and PLA AgCH 1–2%, which are less crystalline than PLA AgCH 3–3.5%, as we
have seen in the DSC analysis.
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Figure 10. Disintegrated samples under composting conditions.

4. Conclusions

In this work, PLA-based fiber mats, containing between 0 and 3.5% by weight of
chitosan-functionalized silver nanoparticles obtained through a green protocol, have been
prepared by means of centrifugal force-spinning. Their morphological, thermal, and me-
chanical properties have been profusely characterized, as well as their functional properties
in terms of biodegradation, antibacterial and smart properties. Homogeneous fiber mats
with average fiber diameters in the micrometer scale have been prepared. We found that
the best balance in terms of mechanical behavior was obtained for the lowest amount of
AgCH-NPs, that is 1 wt%, which presented the highest Young’s modulus. Moreover, with
2 wt% of AgCH-NPs, we obtain a very good thermally-activated shape-memory effect with
very high values for Rf and Rr. Furthermore, AgCH-NPs confer antibacterial activity to
the matrix. In particular, the behavior against gram-positive bacteria is very effective in
fibers, since with 1 wt% of nanoparticles, the killing percentage of bacteria reaches 65%,
and from 1.5 wt%, this percentage becomes 90%. Finally, all the samples are disintegrable
under composting conditions, conferring promising properties for possible food packaging
application and in the biomedical field.
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Abstract: Recently, polymeric nanofiber veils have gained lot of interest for various industrial and
research applications. Embedding polymeric veils has proven to be one of the most effective ways
to prevent delamination caused by the poor out-of-plane properties of composite laminates. The
polymeric veils are introduced between plies of a composite laminate, and their targeted effects
on delamination initiation and propagation have been widely studied. This paper presents an
overview of the application of nanofiber polymeric veils as toughening interleaves in fiber-reinforced
composite laminates. It presents a systematic comparative analysis and summary of attainable
fracture toughness improvements based on electrospun veil materials. Both Mode I and Mode II tests
are covered. Various popular veil materials and their modifications are considered. The toughening
mechanisms introduced by polymeric veils are identified, listed, and analyzed. The numerical
modeling of failure in Mode I and Mode II delamination is also discussed. This analytical review can
be used as guidance for veil material selection, for estimation of the achievable toughening effect,
for understanding the toughening mechanism introduced by veils, and for the numerical modeling
of delamination.

Keywords: fracture toughness; electrospun veil/interleave; delamination; toughening mechanism;
cohesive zone modeling

1. Introduction

Fiber-reinforced composite materials have excellent mechanical properties, corrosion
resistance, and creep resistance compared with traditional materials [1–3], and consequently,
are widely accepted and used for various structural applications in the aircraft, automobile,
energy, ship, civil, sports, and offshore industries, to name a few. Such high-performance
structural composite laminates are commonly produced either using autoclave technol-
ogy or using liquid composite molding, based on preforms as layups of 2D plies with
fibrous reinforcement. These laminates have high in-plane mechanical properties that are
determined by the fibers, but suffer from low out-of-plane properties because interlaminar
fracture toughness (FT) is only provided, besides the matrix, by partial fibrous involvement
in the form of the fiber bridging effect. This makes a composite laminate highly susceptible
to failure under through-the-thickness loads and out-of-plane low-velocity impacts. Events
such as matrix and fiber cracking, as well as delaminations, are observed during such
failure. The low interlaminar FT of a composite laminate remains one of the limiting factors
during its service life. Poor interlaminar strength and interlaminar FT are thus major
limitations of fiber-reinforced composite laminates.

The concentration of high interlaminar shear and transverse stress near the edges,
possible pre-cracks or manufacturing defects, points of laminate curvature, and drilled
holes are some of the possible causes of delamination initiation. In these cases, failure occurs
via both modes (Mode I and Mode II) of failure, resulting in various in-service problems.
Various methods are used to improve the interlaminar properties of structural composites:

Polymers 2023, 15, 1380. https://doi.org/10.3390/polym15061380 https://www.mdpi.com/journal/polymers62



Polymers 2023, 15, 1380

matrix toughening [4,5], 3D reinforcement (3D weaving [6], stitching [6], Z-pinning [7]),
nano-stitching [8], and fiber hybridization [9]. These methods improve the FT but come at
the expense of either escalated complexity, increased cost/weight, or the loss of in-plane
properties. For example, the involvement of 3D reinforcement, in the form of 3D weaving,
stitching, or Z-pinning, solves the problem but cannot be implemented in structures with
high load-carrying performance because of the fiber crimp and, thereby, loss in the targeted
stiffness/mass ratio. In contrast to the 3D reinforcement method, nano-stitching improves
FT and does not degrade the in-plane properties, but it is not a scalable method. Therefore,
industry applications require measures to improve interlaminar FT in laminates (as layups
of 2D plies), which would overcome the aforementioned drawbacks.

Recently, the use of polymeric non-woven nanofiber in the form of a thin mat has been
a popular approach to toughening composite laminates. In this method, the thin mat is in-
troduced as an additional layer between the laminae of a composite laminate. The thin mat
is commonly known as a veil/interleave, and the method of introducing the veil/interleave
is known as interleaving. The fiber diameter in the fibrous veil/interleave ranges from
tens of nanometers to a few micrometers. The fine diameter and evenly distributed fibers
of the veil ensure low areal density and low thickness [10]. Hence, the impact of intro-
ducing a veil/interleave on the laminate thickness and mass is negligible. The overall
fiber volume fraction in the composite laminate is not affected much, guaranteeing the
lowest level of compromise on the in-plane mechanical properties of the laminate. Similarly,
the veil/interleaves are highly porous, and thus, do not disrupt the resin flow during im-
pregnation or curing [11]. The effectiveness of veils/interleaves in toughening composite
laminates has been demonstrated without doubt [12–14]. Melt blowing, solution blowing,
electrospinning, etc., are some methods of producing such non-woven polymeric veils.

Four parameters were used to quantify and characterize the effectiveness of tough-
ening, measured in terms of FT for the initiation and propagation of Mode I and Mode II
delamination. These parameters are extensively reported for various fiber, matrix, and inter-
leave systems of laminates. The toughening effect depends on the veil material, thickness,
fiber diameter, areal density, form (melted vs. non-melted, solid vs. hollow), reinforcing
fibers, and compatibility amongst the veil, fiber, and matrix. Most of the literature on
this topic (see the publication statistics below) has been partially summarized in several
reviews [15–17], with the most recent published in 2017.

This analytical review focuses on the toughness efficiency of the veils/interleaves
produced via electrospinning. It offers a systematic comparative analysis of data from
the literature up to 2022 from the viewpoint of the targeted increase of interlaminar FT
using interleaving polymeric veils. Both modes of delamination failure observed in the
baseline and interleaved composite laminates are covered for various veil materials. The
toughening mechanisms added through the introduction of veils are listed, analyzed,
and discussed. The numerical modeling of failure by both modes of delamination is also
discussed. The present analytical review can be used as guidance for veil material selection,
for estimation of the achievable toughening effect, for understanding the toughening
mechanisms introduced by veils, and for the numerical modeling of delamination.

Section 2 presents the methodology followed for data gathering and analysis. It also
shows the statistics and trends of publications on the topic of the review. Section 3 describes
the electrospinning process used for the production of veils and briefly explains its history.
Section 4 presents a comparative analysis of the toughening effects achieved by interleaving
electrospun veils manufactured from different polymers. Section 5 analyzes the toughening
mechanism noted for electrospun veil-interleaved laminates. Section 6 outlines a statistical
analysis of the collected data on the basis of mode ratio and areal density. Section 7
introduces a general methodology for developing a numerical model of the toughening
effect of electrospun veils using cohesive zone modeling. Finally, conclusions are drawn in
Section 8.
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2. Methodology

The factual data on toughening were structured based on the veil material (polyethy-
lene terephthalate (PET), polyphenylene sulfide (PPS), polyamide (PA), polyacrylonitrile
(PAN), and polycaprolactone (PCL)), including their hybrids and modifications, such as
metal-, CNT-, or graphene-modified veils. The structured data contained information on
reinforcement, the matrix and veil, the production methods, the FT of the baseline and
interleaved laminates for Mode I and Mode II, improvements in the FT of interleaved
laminates compared to the baseline laminate, and identification of their application area
and toughening mechanics. The collected factual data were used for analysis and can be
obtained from http://bit.ly/3TEDvzn (accessed on 7 March 2023). The analysis was carried
out using MS ExcelTM 2010 and MATLABTM R2021.

Publications derived from keywords related to the topic, such as “veil OR electrosp*”
(herein referred to as VE), “VE” AND “composite OR laminate” (herein referred to as CL),
and “VE” AND “CL” AND “toughness”, were searched in the Web of Science database
(core collection, all years up to September 2021). This revealed the ongoing dynamics in the
field’s development. The search was further narrowed using the filter “fiber OR fibre”. The
results are shown in Figure 1; note the logarithmic scale on the vertical axis in Figure 1a.

“VE” as a keyword for the search provided extensive results. However, the narrowing
to fibrous materials helped to focus the search from 117,862 to 15,621 documents, including
articles, conference papers, reviews, book chapters, and editorial materials. Similarly, there
were 5272 and 240 documents on “VE AND CL” and “VE AND CL AND toughness”,
respectively, when narrowed using the filter “fiber OR fibre”, as presented in Figure 1a.
The data show escalating interest in the proposed topic, which grew fast in the last decade,
with the number of publications on “VE AND CL AND toughness” increasing at a rate of
10x. This increase reflects general growth in publication activity. Therefore, the numbers
were compared with the total number of publications on the toughness of fiber-reinforced
composites (“Composite AND Toughness” refined using “fiber OR fibre”) to calculate the
percentage contribution of VE as a toughening technology. The total contribution increased
from below 1% in 2001 to ~6% in 2022, as presented in Figure 1b. A linear fit to the data
shows a steadily increasing trend of publications in the field. So, the topic of the present
research is in the growth phase of the technology evolution curve.
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on use of VE as a proportion of all papers on toughening FRP composite laminates.
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3. Production of Veil

Electrospinning is a technology that is more than a century-old [18]. However, ap-
plications for laminate interleaving appeared much later [17], and the US patent, gener-
ally accepted as the pioneering invention, was awarded in 1999 to Y.A. Dzenis and D.H.
Reneker [19]. The patent focused on interleaving an “electrospun sheet” as a veil between
two plies of a composite laminate to improve its mechanical performance.

Electrospinning is a flexible, simple, and cost-effective technology that is used to pro-
duce extremely fine fibers for a wide range of materials, with diameters ranging from tens
of nanometers to a few micrometers [18]. It is a top-down technique for manufacturing, [20]
where the millimeter-sized polymer pellets are dissolved in an organic solvent, and then,
electrospun. Electrospun nanofibers are long, continuous, easily aligned, and inexpensive.
These nanofibers have unique properties, such as high surface area-to-volume ratios, high
aspect ratios (length/diameter), and high mechanical properties (stiffness and strength)
because of the high molecular orientation along the fiber axis. Electrospinning can easily
be scaled for mass production in industrial applications [18,20,21].

Figure 2a shows a schematic representation of electrospinning in the manufacture of
an electrospun veil. The major parts of the setup include a syringe with a nozzle at its tip, a
conducting collector plate, and a high-voltage source that connects the collector and the
nozzle. The syringe with the nozzle tip holds the polymer solution. When high voltage is
applied, the polymeric solution in the syringe is pulled out of the syringe. Liquid droplets
are formed at the tip of the nozzle, which are further converted into a jet of polymeric
liquid, finally being collected on the conducting collector plate; this results in the formation
of a continuous polymeric fiber. After collecting layers of this continuous fiber, one over the
other, it forms a non-woven, porous nano-fiber veil (Figure 2b). The diameter of the fiber
depends on the applied voltage and polymeric solution. Similarly, the veil’s areal density
and thickness depend on the duration of manufacturing. Once the desired thickness is
achieved, the electrospun veil can be separated from the collector and transferred onto
a substrate.
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Figure 2. Electrospinning: (a) schematic representation; (b) a typical PAN veil (courtesy of H. He, K.
Molnar, Budapest University of Technology and Economics).

The electrospun veils are placed between two plies of fibrous reinforcement at desired
locations in the laminate layup. Then, the fiber-reinforced polymer (FRP) laminate is
manufactured as per the standard manufacturing procedure. Manufacturing methods
include vacuum infusion, compression molding or press-clave, autoclave, and hand wet-
layup followed by vacuum bagging, to name a few. The veil thickness under the processing
pressure is sufficiently small. Hence, the laminate’s fiber volume fraction is not affected
much, and the laminate’s in-plane mechanical properties are preserved [10].

Depending on the test procedure, the samples used to measure toughness are manu-
factured with the interleaves placed either at the laminate mid-plane or at every ply/ply
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interface. In particular, to measure the Mode I initiation and propagation energy, a DCB
test is conducted as per the ASTM D5528 standard [22]. Similarly, the ENF test measures
the Mode II initiation and propagation FT per the ASTM D7905 standard [23].

4. Comparative Analysis of the Toughening Effect

The FT values reported in the literature were analyzed based on the veil materials
and their modifications, and a comparative analysis of attainable FT with the veil was
conducted. The results are discussed below.

4.1. Polyethylene Terephthalate

Tzetzis et al. [24,25], Kuwata et al. [26,27], Quan et al. [14,28,29], Fitzmaurice et al. [30],
and Del Saz-Orozco et al. [31] studied the effect of interleaving a PET veil in Mode I and
Mode II on the toughening of glass fiber and carbon fiber laminate composites. A general
trend of improvement in all the FT parameters was observed, with an exception noted in
Mode I properties by Del Saz-Orozco et al. [31].

4.1.1. Neat PET Veil

Tzetzis et al. [24,25] explored the possibility of using a veil as an interleave for repair
purposes (to attach patches) in GFRP laminates [24,25]. Significant improvements in G1i
and G1p were reported with increasing veil areal density, reaching up to 740% and 770%,
respectively, at a veil areal density of around 25–40 g/m2. However, it should be noted that
these significant improvements were relative to the values reported for the “as-received”
in-service GFRP surfaces. When these “as received” in-service laminates were treated using
hand abrasion and grit blasting, the toughness increased significantly, even in the absence
of interleaves. The improvement due to veil interleaves can be re-calculated relative to
“treated” surfaces, after which it becomes only moderate of 16–49%.

In contrast, Kuwata et al. [26,27] explored the effect of a PET veil as an interleave in a
newly manufactured CFRP laminate. The study investigated the veil’s effect on various
epoxy matrices (in civil and aerospace applications) and CF reinforcement architectures (UD,
satin weave, and plain weave). For the UD-reinforced composite, a stable but moderate
increase of 15–56% was observed, which occurred almost independently of resin type.
The low value of this increment is probably explained by the interleave replacing the
intrinsic UD fiber’s bridging effect with the tough thermoplastic bridging of nanofibers, thus
replacing the strong UD plie bridging. For woven composites, the effect of PET interleaves
was stronger, as expected, due to the weak fiber bridging of the original reinforcement.
For the satin weave composites, the PET veils had a moderately positive effect (up to
94% for epoxy; up to 33% for vinyl ester) on Mode I toughness and a very pronounced
effect on Mode II toughness, increasing the values to 3100–3630 J/m2 for initiation and
3750–4760 J/m2 for propagation, with the effect being stronger for epoxy comparing to
vinyl ester. For the plain weave composites, the veils’ introduction generated a significant
positive effect only for epoxy resin (Mode I: up to 175%, Mode II: up to 88%), while for
vinyl ester, the effect, although always positive, was less significant. A similar effect of
moderate improvement in the UD CF reinforcement but stronger improvement in the
weave CF reinforcement (5H and NCF weave) was also noted by Quan et al. [14,29]. The
values of FT noted by Kuwata et al. [26,27] and Quan et al. [14,29] are in a comparable
range despite slight differences in their weave architectures (satin and plain weaves vs. 5H
and NCF weaves).

Similarly, Fitzmaurice et al. [30] studied the effects of different numbers of veil layers
in a laminate (one vs. two veil layers between each pair of plies) in weave GF reinforcement,
and noted a crack deviation from the veil region to the fiber–matrix interface region. Similar
crack deviation was also noted by Del Saz-Orozco et al. [31] in UD GF reinforcement. The
phenomenon of crack deviation was attributed to a strong interaction between the PET
veil and the matrix. In spite of crack deviation, Fitzmaurice et al. [30] noted moderate
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improvement in FT, but Del Saz-Orozco et al. [31] noted a decrease in FT because of the
difference in the GF reinforcement architectures (weave vs. UD).

4.1.2. PET-CF Hybrid Veil

Tzetzis et al. [25] repaired an in-service FRP structure by grit blasting the surface
before the CF or PET-CF hybrid veil was inserted as an interleave. It was inserted between
the repaired structure and the patch, followed by infusion. Grit blasting of the in-service
FRP structure induced many new sites for stronger bonding between the structure and the
patch material. The implemented veil did not impede the repair and enhanced the fiber
bridging effects. Great improvements (up to 600% for initiation and 1100% for propagation)
were reported for Mode I toughness, but these were mainly attributed to grit blasting.

The use of CF or PET-CF hybrid veils in newly manufactured laminates had a mixed
effect [26,27]. For satin weave composites, the detrimental effect of CF implementation was
masked by the improving toughness induced by PET. Still, the tendency was clear: the
higher the share of CF implemented, the poorer the results were. A pure CF interleave
led to a decrease in all values of FT. For the plain weave laminate, the tendency was not
pronounced but still present. CF interleaves improved Mode II toughness for the UD
laminates, but their use cannot be recommended because of the degradation of the Mode I
toughness properties.

4.1.3. Nano-Modified PET Veil

PET veils have demonstrated their toughening capabilities; however, introducing a
PET veil decreases a laminate’s electric conductivity [28]. To address this problem, two
different concentrations of MWCNTs were airbrushed on a PET veil surface. It was found
that airbrushing as little as 0.4 g/m2 of MWCNTs on the veil improved the laminate’s FT
(up to 65% for Mode I and 100% for Mode II) and overall electrical conductivity (up to
65%), which is a significant improvement in FT and electrical conductivity compared to the
baseline laminate properties, whereas the neat PET veil improved FT only. Airbrushing a
higher concentration of MWCNTs increased the electrical conductivity further but decreases
the FT.

In summary, PET veils have a positive impact on the toughening mechanism in both
modes for both epoxy and vinyl ester resins, for both UD and weave CF reinforcement, and
for weave GF reinforcement architectures. The effects with epoxy are typically much more
pronounced than with vinyl ester. PET-CF hybrid veils show mixed results. Airbrushing a
lower concentration of nano-reinforcement on the veil surface is enough to improve the
FT and electrical conductivity. Based on these results, a PET veil and its nano-modified
counterpart are recommended for structural delamination control applications.

4.2. Polyphenylene Sulfide

Quan et al. [14,29,32], Ramirez et al. [33], and Ramji et al. [34] reported the application
of a PPS veil to improve the fracture performance of a CFRP composite. No studies have
been reported for GFRP. Quan et al. studied the effect of an interleaving neat PPS veil [14,29]
and a nano-modified PPS veil [32] on FT. The neat PPS veil was interleaved for different
CF reinforcement architectures (UD vs. weave), whereas the nano-modified PPS veil was
interleaved for UD CF only. Ramirez et al. [33] explored the impact of the manufacturing
directionality (compared to reinforcing UD CF) of the veil on FT. Ramji et al. [34] focused
on the combined effect of interleaving the PPS veil and the interfacial orientation of CF on
delamination migration and FT.

4.2.1. Neat PPS Veil

Interleaving the neat PPS veil in the CF laminate showed a clear trend of high FT for
weave CF reinforcement in comparison to UD CF reinforcement [14,29]. A similar trend
was also observed for the neat PET veil. This trend was observed to be moderate for Mode
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I (up to a ~75% increase) and profound for Mode II loading, increasing the value of FT to
2200–2600 J/m2 for initiation and 3000–3200 J/m2 for propagation.

Ramirez et al. [33] manufactured CF laminates with PPS veils oriented in the man-
ufacturing direction (MD) and in the cross-direction (CD), perpendicular to the MD. A
significant change (up to ~2x) in Mode I FT was noted for a thick veil of 38 g/m2 irrespec-
tive of veil orientation. It is necessary to note that the mechanical anisotropy of the PPS veil
showed no impact on the achievable FT because a PPS veil is a non-woven structure with
randomly oriented fibers.

Ramji et al. [34] observed delamination migration when an element of 90◦ or 45◦ plies
was present in the midplane. Delamination migration added additional crack propagation
sites, leading to high FT. It can be noted that the highest FT value was reported for 90◦/90◦

compared to all other interfacial orientation combinations of 0◦, 45◦, and 90◦.

4.2.2. Nano-Modified PPS Veil

Higher improvement in the FT was noted when the neat PPS veil was modified
through doping with a lower concentration (up to 0.6 g/m2) of MWCNTs in both Mode I
and Mode II. However, when MWCNT concentration was increased to 1.45 g/m2, the Mode
I FT decreased, becoming worse than for baseline laminates. The Mode II FT also decreased
only moderately, but was still better than the baseline. Irrespective of concentration,
doping GNP on the neat PPS veil showed the detrimental effects on Mode I FT. A lower
concentration of GNP showed good improvement in Mode II FT, which decreased slightly
at a higher concentration.

Such behaviors of MWCNT and GNP can be attributed to their 1D and 2D shapes,
respectively. The addition of a small wt.% of MWCNTs introduced additional interactions,
such as MWCNT pull-out and breakage between the PPS nanofibers and the epoxy matrix.
This resulted in improved PPS fiber/epoxy adhesion, and subsequently, led to additional
PPS fiber breakage and an improved nanofiber bridging mechanism as a toughening
mechanism during the fracture process. For these reasons, the fracture energy was further
increased by doping a small amount of MWCNTs on the PPS veils. However, at a high
wt.% of MWCNTs, the PPS nanofiber/epoxy adhesion increased to a sufficient level to
prevent the PPS nanofiber pull-out and fiber bridging (the primary toughening mechanism).
This caused a considerable drop in fracture energy. In contrast, the 2D-structured GNPs
significantly agglomerated and attached to the PPS nanofibers. This resulted in a decline in
PPS nanofiber/epoxy adhesion [32].

To sum up, interleaving a neat veil improves laminate fracture performance irrespec-
tive of the fiber architecture; however, higher improvement was noted in the weave CF
compared to the UD CF. The airbrushing of a lower concentration of MWCNTs on the
veil surface improves the fracture performance, as well as the electrical conductivity, of a
laminate. Airbrushing GNPs increases electrical conductivity but decreases the FT. It is note-
worthy that a higher concentration of MWCNTs and all concentrations of GNPs also cause
drastic drop in FT. Based on these results, neat and low-concentration MWCNT doping of
PPS interleaves is recommended for delamination control in structural applications. Dop-
ing nano-reinforcement using materials such as MWCNTs and GNPs improves electrical
conductivity; hence, it can be recommended for lightning strike protection, electro-magnetic
shielding, and damage detection applications.

4.3. Polyamide

Beckermann et al. [11], Meireman et al. [12], Garcia-Rodriguez et al. [13], Quan
et al. [14], Kuwata et al. [26,27], Del Saz-Orozco et al. [31], Saghafi et al. [35,36], Nash
et al. [37,38], Guo et al. [39], Chen et al. [40], Ognibene et al. [41], Pozegic et al. [42],
Beylergil et al. [43–45], Alessi et al. [46], Barjasteh et al. [47], Monteserin et al. [48,49], Daele-
mans et al. [50–52], De Schoenmaker et al. [53], O’Donovan et al. [54], and Hamer et al. [55]
reported that PA veils as interleaves for FRP composite laminates are applicable in either
carbon or glass fiber reinforcement. PAs of different classes were used in these studies,
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such as PA 6 (sometimes, the brand name Nylon is used), PA 11, PA 12, PA 66, and PA 69.
PA is the most popular material for veils amongst the presented materials, as demonstrated
by the higher number of studies on PA veils. It has been extensively considered as an
interleave for composites manufactured via not only VI and VARTM, but also compression
molding and autoclave manufacturing methods.

4.3.1. Neat PA Veil

A general trend of improvement in the overall fracture performance of an FRP lam-
inate has been observed for both CF and GF, with the exception of decreases in Mode I
FT [23,24,34,39,43,47,50]. These exceptions are caused by various factors, such as compat-
ibility [26,27,37], mesoscale inhomogeneity due to either a thick veil [53] or a thick veil
fiber [46], and a weak interface [42]. PA veils in CF reinforcement have been identified
as more compatible with vinyl ester-based matrixes than epoxy-based matrixes [26,27].
Amongst the epoxies, the PA veil is more compatible with BZ9120 epoxy than BZ9130
epoxy reinforced with CF [37].

Quan et al. [14], Kuwata et al. [26,27], and Daelemans et al. [47] observed high FT
for weave CF reinforcement and low FT for UD reinforcement interleaved with a PA veil.
Similar trends are also noted in PET- and PPS-interleaved veils. Woven reinforcement
showed promising improvements due to the fabric architecture. This resulted in plastically
failed PA nanofibers zones, indicating good load transfer to the nanofibers. Comparatively,
in UD reinforcement, the nanofibers blocked the formation of the carbon fiber bridging
zone and delamination propagation between the nanofibers. This resulted in relatively low
improvements in FT.

4.3.2. Metal-Modified PA Veil

PA veils are modified with different kinds of metal-based chemicals for various pur-
poses, which include altering the stiffness and hardness of nanofibers [11], adding antibac-
terial effects [48], and developing electrically conductive laminates [39,56]. Modification
techniques include precipitating AgNO3 throughout the nanofiber veil [11], dispersing
TiO2 nanoparticles on the nanofiber veil [48], painting AgNW solution on veil surface [39],
and coating Ag (silver-based salt) via electroless plating of the veil [56].

Interleaving a modified PA veil with a AgNO3 coating [11], AgNW painting [39], a
pure Ag paste coating [56], and TiO2 nanoparticle dispersion [48] demonstrated some im-
provement in fracture performance. These studies show that improvement in the modified
conditions was comparatively lower than for the neat PA-interleaved laminate; however, it
was still higher than for the baseline laminate. Such slight deterioration in FT improvement
for the modified veil was caused by a weak interface formed by the metal surface. However,
it should be noted that AgNWs have the strongest interface amongst them.

An Ag-modified veil adds the multifunctionality of improved conductivity to a lam-
inate. For instance, AgNW-painted veils improve laminate conductivity by up to 100×
in-plane and by 10× in the thickness direction [39]. Similarly, Ag-plated veils improves
conductivity by 1500× in-plane and by 25× in the thickness direction [56]. TiO2 adds an-
tibacterial functionality, making the laminate suitable for marine applications [48]. There is
strong, growing interest in the development of multifunctional interleaves. Metal-modified
veils can be used as multifunctional interleaves, but slight deterioration in FT must be
considered. The multifunctionality of upgraded conductivity and improved antibacterial
properties can be successfully achieved; however, altering the stiffness and hardness of a
PA nanofiber with a AgNO3 coating has not been achieved [11].

To sum up, the interleaving of a PA veil always increases Mode II FT, irrespective of
the reinforcement type or the binding matrix. However, for Mode I FT, improved fracture
performance depends on various factors, such as the compatibility of the PA veil with
the binding matrix, crack path, reinforcement type, and areal density, or the thickness
of the veil. Based on these results, the PA veil is recommended for delamination control
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in FRP laminates for structural applications. Similarly, metal-modified PA veils are also
recommended for the multifunctionality of laminates.

4.4. Polyacrylonitrile

VanderVennet et al. [57], Zhang et al. [58], Chiu et al. [59], Razavi et al. [60], Molnar
et al. [61], and Eskizeybek et al. [62] studied a PAN interleave’s effect on CFRP laminates
and its effect on FT. Zhang et al. compared a PAN veil to other veils, whereas others have
studied the PAN veil and its nano modifications.

4.4.1. Neat PAN Veil

The neat PAN-interleaved laminates showed a significant depreciating effect of up
to −70% in G1i compared to the baseline laminate [57–59,62]. They were outperformed
by veils of other material, including doped PAN [62]. This reduction in toughness was
mainly attributed to problematic impregnation in the presence of a dense veil. A minor
positive effect in G1i, with an increase of around 18%, was observed only in two cases:
for VARTM [60] with very low veil areal density of 1 g/m2, and the autoclaving [57] of
prepregs, where, for both cases, impregnation does not present a problem. The effect of
neat PAN interleaves on G1p was explored, and a mixed result of 15% deprecation [58] and
22% improvement [62] was found.

4.4.2. Nano-Modified PAN Veil

Some examples of nano-modifications include nanoparticles of Al2O3 [60] and
CNT [61,62], mixed in PAN’s electrospinning solution, i.e., incorporated into the veil fiber.
Compared to the baseline laminate, nano-modified PAN veils showed better overall perfor-
mance depending on the wt.% of the nano-reinforcement. Al2O3 nanoparticles improved
FT by up to 47%, and CNT improved FT by 6–27% in G1i and 45–77% in G1p [62]. Similarly,
introducing CNT to an electrospun PAN fiber also improved the electrical conductivity (up
to 50%) and thermal conductivity (~3x) of the laminate [61].

To summarize, neat PAN interleaves generally show minor improvement but can be
detrimental if impregnated with viscous resin. However, doping nano-reinforcements,
such as Al2O3 or CNT, demonstrates significant improvement, as well as providing multi-
functionality. This merit can probably be attributed to the nano-reinforcement delivered to
the ply/ply interface via veil placement rather than via PAN’s direct involvement.

4.5. Polycaprolactone

Beckermann et al. [11], Saghafi et al. [32], Cohades et al. [63], and Heijden et al. [64]
reported the effect of PCL veils on G/CFRP laminates. A similar trend of higher FT for
woven reinforcement has also been noted for PCL interleaves.

Beckermann et al. studied several veil materials and found a correlation between
Mode I FT and the ultimate elongation of the bulk polymer used to make the veil. PES,
PAI, PA66, and PVB followed this trend, but PCL did not, despite it having the highest
ultimate elongation (679–948%). Upon further investigation, it was found that the PCL
veils melted during oven curing of the laminate due to their low melting temperature.
Thus, the primary toughening mechanism (plastic deformation-identified) was replaced
by a phase-separated microstructure, leading to a slight improvement in toughness (up to
14%). Similarly, a phase-separated microstructure where epoxy particles are surrounded
by a PCL matrix was identified as a toughening mechanism by Saghafi et al. and Cohades
et al. Similarly, Beckermann et al. also noted a correlation between the Mode II FT and
the tensile strength of the bulk polymer used to manufacture a veil. This correlation was
followed by all the veils investigated. The tensile strength of PCL was low compared to
that of PA66 (9 MPa vs. 85 MPa); hence, a small improvement of 7% in Mode II toughness
was noted in PCL veil-interleaved laminate (compared to 29–69% for PA66 veil). Similarly,
a 24% improvement in PCL (vs. 68% in PA66) was also noted in [35]. It is noteworthy that
the authors did not describe the effect of PCL melting in Mode II toughness.
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Such atypical behavior of the PCL veil was further investigated, and the authors
obtained up to 94% improvement in Mode I fracture toughening [64]. It was noted that
a room-temperature pre-cure (before oven curing at 80 ◦C) of laminate eliminates such
atypical behavior and acts as a crucial step when the PCL veil is interleaved. The impact
of such a step has not been explored in Mode II experiments. It is worth mentioning that
Heijden et al. used single- and double-layered PCL as interleaves, increasing the net areal
density of the veil.

Cohades et al. assessed the possibility of using a PCL veil for toughening and healing
cracks. Thermal treatment at 150 ◦C was applied for 30 min to the cracked specimens
to assess PCL’s capability to bleed, flow, and bridge the cracked faces, thus healing the
cracked laminate. However, such healing was not observed because of the high viscosity of
the high-molecular-weight PCL, which was used in this study, with a required healing time
of around 100 h for the fine nanostructure of the pores (compared to the 30 min applied
in tests). The authors concluded that self-healing properties could be achieved either by
increasing the diameters of the nanofibers, which may compromise the FT, or by decreasing
the viscosity with the application of the low-molecular-weight PCL. However, in this case,
the electrospinning becomes unstable due to low molecular entanglement.

These analyses show that PCL interleaves provide only mild improvements compared
to other polymers, so they are not recommended for structural applications. Although a
room-temperature pre-cure removes atypical PCL behavior, such effects are not studied to
Mode II.

To summarize the comparative analysis, it is clear that the introduction of a polymeric
nanofiber veil improves the overall FT, with some exceptions. A comparison of attainable
FT upon interleaving these veils is plotted in Figure 3, which shows cloud point plots of
four FT parameters, plotted as the Mode I vs. Mode II initiation FTs in Figure 3a, and the
Mode I vs. Mode II propagation FTs in Figure 3b. Mode lines are also added, which is
discussed separately in Section 6. This plot can be used as a reference plot for material
selection as per the FT requirement in the design of composite structures in engineering
applications. For instance, for composite design anticipating a higher G1i and a moderate
G2i, a PA veil is recommended. Similarly, for a higher G2i and a moderate G1i, a PET veil
is recommended.
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5. Toughening Mechanism

Cracks propagate in FRP laminates through the epoxy-rich areas, such as the in-
terlaminar region, resin pockets, etc. The brittle nature of the epoxy aids in such crack
propagation. However, interleaving the laminates with veils results in non-linear fracture
patterns. This change is brought about by several toughening mechanisms added by the
veil to the resulting laminates. Nanofiber bridging or crossings, nanofiber pull-out and
debonding, nanofiber plastic deformation and breakage, crack pinning, crack deflection,
strong adhesion bonds between the resin and veil due to compatibility or melting of the
veil, and fusion-bonded dots are the toughening mechanisms that have been identified.
(Fusion-bonded dots are semi-spherical dots formed by melting the veil at regular locations
within the veil, which reduces crack propagation and improves the FT.) Some of these
toughening mechanisms are shown in Figure 4. Doping veils with nano-reinforcements
complicates the aforementioned behavior, mostly by changing the veil/resin adhesion,
delivering nano-reinforcement to the fracture zone, and modifying the functional properties
of the laminate, such as conductivity.

The nanofiber bridging or crossing formed by the nanofibers that compose the veil
has been identified as the most common toughening mechanism. The nanofibers bridge
the two laminae on the opposite sides of the veil, preventing crack initiation and delaying
propagation. Upon further loading, the nanofiber is pulled out of the epoxy, inducing
debonding. This is followed by nanofiber plastic deformation and nanofiber breakage.
These toughening mechanisms consume much energy, resulting in an increase in the overall
FT of the interleaved laminates. The effectiveness of the nanofiber bridging toughening
mechanism depends on proper load transfer to the nanofibers. Crack propagation under
Mode II loading results in much higher improvements than Mode I loading due to the
alignment of the loading with the nanofiber direction in the veil plane. In Mode I crack
propagation, the loading of the nanofibers is less optimal and is shown to be dependent
on both the primary reinforcement fabric architecture and the presence of a reinforcement
fiber bridging zone.
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Figure 4. Schematic diagram of the toughening mechanism identified in interleaved laminates.

Crack pinning and crack deflection are also observed as toughening mechanisms that
consume energy to improve toughness. Crack deflection and delamination migration occur
when a strong adhesion bond is formed between the lamina and the veil due to material
compatibility or ply orientation. Material compatibility can be observed in its neat form or
through phase changes noted during curing for meltable veils.

6. Statistical Analysis
6.1. Mode Ratio

The mode ratio
(

m = G2
G1

)
inherits the nature of the resin used in the composite.

The introduction of an electrospun veil changes the overall behavior of the resin in the
interlaminar region. For a baseline laminate, a low mode ratio close to unity is expected for
ductile resins. In contrast, a much higher ratio is observed for brittle resins. The change in
the ratio due to interleaving depends on the changes in the individual properties, which
further depends on the type of veil, its areal density, and its production method, as noted
in Section 3.

Figure 3 shows the initiation and propagation FT of the baseline and interleaved
composite laminates. The scatter of points for baseline vs. interleaved laminates indicates
a change in the nature of the resin at the interlaminar region due to the addition of the
electrospun veil in the interlaminar region of the laminate. The FT of baseline laminates
is concentrated near the bottom left corner of the plot, in contrast to the FT of interleaved
laminates, which is distributed throughout. The highest Mode I initiation and propagation
FTs are noted for laminate interleaved with the PA veil, whereas the highest Mode II
initiation and propagation FTs are noted for laminate interleaved with the PPS-and-PET-CF
hybrid veil, respectively.

Similarly, adding mode ratio (m = 1 . . . 32) lines shows some other characteristic
behaviors. For instance, the initiation FT of baseline laminates lies between mode ratios
of 1 to 16, and most of the values are concentrated around a mode ratio of 4, whereas the
propagation FT of baseline laminates lies between mode ratios of 1 to 8, and most of the
values are concentrated between mode ratios of 2 and 4. Similarly, in the case of interleaved
laminates, the mode ratio reaches up to more than 32 for the initiation FT and more than 16
for the propagation FT.

6.2. Areal Density

Further, an areal density of zero indicates the baseline laminates, and a non-zero areal
density indicates that the laminate is interleaved with a veil. The minimal, mean, and
maximal areal density values are 0, 10, and 40 g/m2, respectively. The veil’s areal density
and FT, as presented in Table 1, show a positive correlation between the four FT parameters

73



Polymers 2023, 15, 1380

and areal density. The mode II FT is more strongly correlated with the areal density (r > 0.5)
than the Mode I FT (r < 0.5). Figure 5 plots a cloud of points of the Mode I and Mode II
initiation and propagation FTs for UD CF laminates when interleaved with an electrospun
veil produced with different materials and areal densities. The denser cloud of points in
Figure 5a,c shows that extensive research has been carried to study the interleaving effect
on initiation energy. However, only limited research has focused on measuring propagation
FT (applicable to both modes). The maximal attainable value of G1i is ~1600 J/m2, of G1p
is ~1600 J/m2, of G2i is ~7000 J/m2, and of G2p is ~6000 J/m2.

Table 1. Correlation between areal density and FT.

G1i G1p G2i G2p

Correlation coefficient (r) 0.44 0.34 0.59 0.58
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PA has been identified as the most common choice of polymeric material for inter-
leaving based on the reported number of data points, as shown in Figure 5. Various
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modifications of these materials are also used. These modifications include coating/doping
with nano-reinforcement, such as CNT, GNP, metal modification/plating, or mixing one
polymeric material or CF with another. Such modifications of the veil add a new feature,
making the veil multifunctional. A broad range of areal densities has been investigated
for PA interleaves, showing a stable interleaving effect on improving FT. However, such a
wide range of studies is missing for other veil materials.

7. Numerical Modeling of Delamination

Numerical modeling is typically carried out using a 2D strain finite element model
to simulate the DCB and ENF beam while cohesive elements are used to model the de-
lamination behavior. “Traction” and “Separation” at the interface with the possibility of
delamination by crack propagation exist, and they govern cohesive element modeling.
The cohesive elements initially behave linearly until a threshold level, usually known as
the damage initiation point, is reached. The stiffness and strength decrease progressively
upon reaching the initiation point, which is known as damage evolution or softening.
This continues until the surfaces reach a total separation point. There are various forms
of traction–separation law. The similarity amongst them is that each of them describes
linear behavior until the damage initiation point. The difference is the damage evolution or
softening phase, which may be linear, exponential, polynomial, or bi- or tri-linear, to name
a few.

Bi-linear cohesive law (Figure 6a) reasonably models predominantly brittle fracture
and matrix cracking in baseline laminates. Significant fiber bridging is observed in veil-
interleaved laminates. Such a bridging effect is modeled by modifying the bi-linear to
tri-linear law (Figure 6b). The three parameters required to model bi-linear law are cohesive
strength (tm), penalty stiffness (K), and cohesive energy (Γm). An additional three param-
eters are needed to model tri-linear law, which include bridging strength (tb), bridging
energy (Γb), and the size of the tougher zone (La). These parameters are different and
should be determined for each fracture mode. Appendix A shows a collection of parame-
ters used in the literature to model delamination of FRP laminates with bi- and tri-linear
cohesive laws.

Bi-linear and tri-linear laws model the delamination of composite laminates [65,66].
Though a significant fiber bridging effect was observed, only bi-linear law was considered
to model delamination of the baseline and interleaved laminates. However, it should
be noted that bi-linear law only models the first linear part of the traction–separation
curve until damage initiation [67–69]. The damage evolution part of interleaved laminates
cannot be modeled using bi-linear law only; hence the model presented does not reflect the
actual behavior.

The FT, experimentally obtained using a DCB [65–67] or ENF [65,66,68,69] test, is the
initial cohesive energy value for numerical modeling. The cohesive strength and penalty
stiffness are calculated using a trial-and-error process. The values of these two parameters
are changed and tuned until the numerical model’s force–displacement curve coincides
with the experimental curve.

The tuning of parameters starts from penalty stiffness, a numerical parameter chosen
to compromise the computational need for the value to be low and the physical requirement
for it to be as high as possible. The cohesive strength is tuned until the sharpness of the peak
in the experimental force–displacement curve matches with the thus obtained numerical
curve. Once these two parameters are adjusted, the FT value is also changed and tuned to
match the experimental and numerical softening curve.

A similar trial-and-error principle is followed for tuning bridging strength and bridg-
ing energy [65,66] after the bi-linear parameters are obtained until the experimental and
numerical softening curves are matched. The size of the tougher zone (La) is only required
to model the ENF test. The method to determine La is not clearly defined.
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Numerical modeling was carried using a 2D plane-strain finite element model [65–69].
CPE4R elements were used to model the composite laminate, and COH2D4 elements
modeled the cohesive surface in front of the pre-existing crack front. As the size of co-
hesive elements was sensitive, a size of 0.1–0.2 mm (DCB sample length = 125 mm, ENF
sample length = 160 mm) was used to model the cohesive layer. Thus, the obtained cohe-
sive parameters can further be utilized to model the behavior of composite components
and parts.

8. Conclusions

In this paper, a general trend of improvement in all four parameters used to character-
ize the FT was observed. Interleaving was proven to be one of the most effective methods
for improving the FT of composite laminate. The growing number of publications on this
topic indicates that it is in the growth phase of the technology growth curve. The method of
production of interleaves, electrospinning, is stable, scalable and well understood, with lots
of choices for material selection. Some of the materials that are widely used as interleaves
were analyzed and reviewed. The highest attainable FT for various interleave materials
was identified and discussed (see Section 6 for comparative analysis). Figure 3 was plotted
as a reference for veil material selection as per the FT requirement in the composite design.
Various toughening mechanisms introduced by these polymeric interleaves were examined,
listed, and discussed. The functionalization of interleaves was discussed, and the key
parameters and methodology for the numerical modeling of delamination using cohesive
zone modeling was reviewed and outlined.
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Abbreviations

2D Two-dimensional
3D Three-dimensional
5H 5-harness
AgNO3 Silver nitrate
AgNW Silver nanowire
ASTM American Society for Testing and Materials
CF Carbon fiber
CFRP Carbon fiber-reinforced polymer
CNT Carbon nanotubes
COH2D4 Four-node two-dimensional cohesive
CPE4R Plane-strain quadrilateral with reduced integration
DCB Double-cantilever beam
ENF End notch flexure
FRP Fiber-reinforced polymer
FT Fracture toughness
G/CFRP Glass/carbon fiber-reinforced polymer
G1i Mode I initiation [J/m2]
G1p Mode I propagation [J/m2]
G2i Mode II initiation [J/m2]
G2p Mode II propagation [J/m2]
GF Glass fiber
GNP Graphene nanoparticles
K Penalty stiffness
La Size of tougher zone
m Mode ratio
MWCNT Multi-walled carbon nanotube
NCF Non-crimp fabric
PA Polyamide
PAN Polyacrylonitrile
PAI Polyamide-imide
PCL Polycaprolactone
PES Polyethersulfone
PET Polyethylene terephthalate
PPS Polyphenylene sulfide
PVB Polyvinyl butyral
PVDF Polyvinylidene fluoride
r Correlation coefficient
tb Bridging strength
tm Cohesive strength
TiO2 Titanium dioxide
UD Unidirectional
VARTM Vacuum-assisted resin transfer molding
VI Vacuum infusion
Γm Cohesive energy
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Appendix A. Collection of Parameters to Model Delamination of FRP Laminates

Materials Test
Cohesive Parameters

Ref.
K [MPa/mm] tm [MPa] Γm [N/mm] tb [MPa] Γb [N/mm] La [mm]

-/CF/Epoxy prepreg
DCB

80,000 60 0.8 - - -

Moroni
2013, [65]

Nylon 66/” 64,000 48 1 0.8 0.6 -

-/CF/Epoxy prepreg
ENF

40,000 30 3 30 2.2 10

Nylon 66/” “ 35 3.5 35 3 15

-/Woven CF/Epoxy

DCB

55,000 60 0.75 - - -

Giuliese 2015,
[66]

150 nm/25 µm thick/random
Nylon 66/” “ 48 1 1 0.45 -

150 nm/50 µm thick/random
Nylon 66/” “ 38 0.3 - - -

500 nm/25 µm thick/random
Nylon 66/” “ 25 0.33 - - -

500 nm/50 µm thick/random
Nylon 66/” “ 40 0.17 - - -

150 nm/25 µm thick/oriented
Nylon 66/” “ 23 0.28 1 0.22 -

150 nm/50 µm thick/oriented
Nylon 66/” “ 20 0.25 1 0.22 -

500 nm/25 µm thick/oriented
Nylon 66/” “ 30 0.22 - - -

500 nm/50 µm thick/oriented
Nylon 66/” “ 8 0.2 - - -

-/Woven CF/Epoxy

ENF

55,000 30 3 30 2.2 10

150 nm/25 µm thick/random
Nylon 66/” “ 40 3.3 51 4.6 20

150 nm/50 µm thick/random
Nylon 66/” “ 17.5 1 35 2 25

500 nm/25 µm thick/random
Nylon 66/” “ 30 1.1 30 1.45 25

500 nm/50 µm thick/random
Nylon 66/” “ 30 1.65 - - -

150 nm/25 µm thick/oriented
Nylon 66/” “ 35 1.8 48 3 25

150 nm/50 µm thick/oriented
Nylon 66/” “ 45 3.1 48 3.45 10

500 nm/25 µm thick/oriented
Nylon 66/” “ 14 0.7 7 0.28 10

500 nm/50 µm thick/oriented
Nylon 66/” “ 17 1.25 8 0.35 20

-/2 twill CF/Epoxy prepreg

DCB

80,000 50 0.25 - - -
Saghafi

2016, [67]Thin PVDF/” “ 50 0.36 - - -

Thick PVDF/” “ 50 0.47 - - -

-/2 twill CF/Epoxy prepreg

ENF

50,000 70 0.18 - - -
Saghafi

2019, [68]Thin PVDF/” “ 73 0.29 - - -

Thick PVDF/” “ 85 0.38 - - -

-/E-GF/Phenolic resin

ENF

40,000 15 0.581 - - -

Barzoki
2019, [69]

100 nm-PVB/” “ 50 0.143 - - -

165 nm-PVB/” “ 12.5 0.749 - - -

314 nm-PVB/” “ 10 0.44 - - -

500 nm-PVB/” 100,000 9 0.423 - - -

165 nm (aligned)-PVB/” “ 8 0.393 - - -

“: Same as in the row above; -: not available.
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Abstract: Additive manufacturing, in particular the fused deposition method, is a quite new interest-
ing technique used to obtain specific 3D objects by depositing layer after layer of material. Generally,
commercial filaments can be used in 3D printing. However, the obtention of functional filaments is
not so easy to reach. In this work, we obtain filaments based on poly(lactic acid), PLA, reinforced with
different amounts of magnesium, Mg, microparticles, using a two-step extrusion process, in order
to study how processing can affect the thermal degradation of the filaments; we additionally study
their in vitro degradation, with a complete release of Mg microparticles after 84 days in phosphate
buffer saline media. Therefore, considering that we want to obtain a functional filament for further
3D printing, the simpler the processing, the better the result in terms of a scalable approach. In our
case, we obtain micro-composites via the double-extrusion process without degrading the materials,
with good dispersion of the microparticles into the PLA matrix without any chemical or physical
modification of the microparticles.

Keywords: PLA; magnesium microparticles; in vitro degradation; 3D filament; 3D printing; additive
manufacturing; fused deposition modeling

1. Introduction

Additive manufacturing is a quite new processing method to create a three-dimensional
object by adding materials layer by layer [1]. Among the additive manufacturing methods,
fused deposition modeling, FDM, is one of the most studied because of its low cost and the
use of traditional thermoplastic polymers such as thermoplastic polyurethane (TPU) [2]
poly(lactic acid) and PLA [3]. For instance, PLA is a biodegradable polymer widely used
in 3D printing applications such as bone tissue repair [4] or biodegradable scaffolds [5].
Additionally, PLA chains are susceptible to being attacked by hydrolytic reactions, turning
into non-toxic molecules with a high enough degradation rate for human body usage [6].
However, PLA shows some technical limitations in terms of poor hardness [7] and low
degradation rate [8], which have to be improved in order for it to be used in biomedical
applications. Moreover, when working with a 3D printer, a homogenous filament is nec-
essary when it comes to the dimension diameter of the 3D printer extruder, which can
be considered the greatest challenge when the use of non-commercial filament is desired.
Therefore, the main strategy to obtain PLA-based filaments is mixing PLA matrix with
other polymers or with nano/micro fillers, which not only allows for the obtention of PLA-
based filaments with enhanced mechanical properties, but also the obtention of additional
functional properties such as antioxidant or antimicrobial activities, etc. [9–11]. Composites
of PLA with other metals have been produced in order to improve PLA properties; for
example, the addition of iron powder leads to an increase in tensile strength [12], and
the introduction of silver nanoparticles enhances the antimicrobial properties of PLA [13].
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However, considering biomedical applications, among the inorganic fillers, magnesium
metal, Mg, is an interesting reinforcement since Mg2+ ions are essential in metabolism at a
biochemical level, such as protein synthesis, muscle function, and the nervous and immune
system [14,15]. Additionally, the released Mg2+ ions present an extraordinary biological
response, promoting the formation of collagen in skin wounds [16]. These advantages offer
a promising opportunity for the applicability of Mg as a biomaterial. Moreover, PLA-Mg
composites have been already fabricated before through FDM, exhibiting an improvement
in the main properties of the polymeric matrix due to the incorporation of Mg particles [17].

However, as the physiological medium is water-based, the reaction of Mg with wa-
ter has to be taken into account. In particular, Mg reacts with H2O molecules, lead-
ing to the formation of hydrogen gas, H2 (g), and hydroxyl groups, OH−, which create
two challenges to be overcome for biomedical applications [14,18]. The accumulation of H2
(g) bubbles in the human body and variation in pH values can compromise the viability of
the material for biomedical applications [14]. As can be found in the literature, some au-
thors have reported the enhancement of PLA mechanical properties by adding Mg in terms
of creep strength [19] and compression modulus [20]. In addition, in vitro degradation of
these compounds has been studied in phosphate buffer saline, PBS [21], in simulated body
fluid, SBF [22], and in keratinocyte basal media, KBM [23], demonstrating that Mg particles
in PLA matrix prevent pH changes and improve the degradation rate of PLA [24]. How-
ever, no works studying the relation between the thermal properties and the later in vitro
degradation properties of PLA-based filaments reinforced with Mg for 3D printing have
been published yet. The main objective of research related to new PLA-based filaments for
FDM is focused mainly on the correlations between the processing of filaments and their
final mechanical properties in terms of elastic modulus, tensile strength, or elongation at
break [25–27].

Furthermore, to the best of our knowledge, we studied for the first time the in vitro
degradation of PLA-Mg filaments previous to the FDM processing step. In particular, in
our work, we carried out thermal characterization via DSC and TGA, obtaining the thermal
properties of PLA-Mg filaments, thus considering how the two-step extrusion process can
affect the thermal degradation of the filaments. Moreover, considering that we want to
obtain a functional filament for further 3D printing, the simpler the processing, the better
the result in terms of a scalable approach. In our case, we obtained micro-composites
using a double-extrusion process without degrading the materials, with good dispersion
of the microparticles into the PLA matrix without any chemical or physical modification
of the microparticles. Finally, an 84-day study in phosphate buffer saline, PBS, media
was also performed in terms of H2 release and pH changes to check for potential uses in
biomedical applications.

2. Materials and Methods

Polylactic acid (PLA3051D), 3% D-lactic acid monomer, molecular weight
14.2 × 104 g·mol−1, density 1.24 g·cm−3), was supplied by NatureWorks®. Magnesium
microparticles were supplied by Nitroparis (average size < 100 µm, purity > 99.90%).

Each PLA-Mg formulation was prepared according to the following process. Firstly,
the PLA pellets were powdered in an A10 Basic IKA miller using liquid nitrogen to prevent
thermal degradation at 25,000 rpm. Then, the corresponding amount of Mg microparticles
was mixed with the PLA powder for 45 min at 240 rpm and, finally, the extrusion process
was carried out in a Rondol co-rotating twin-screw extruder with a screw diameter of
10 mm and length/diameter ratio of 20, working at 40 rpm, with a residence time of 3 min
and temperatures of 180, 190, 190, 165, and 120 ◦C. The PLA-Mg formulations obtained
were pelletized and used as feedstock in the single-screw filament extruder.

Therefore, the filaments were obtained from a 3DEVO filament extruder working at
5.0 rpm, heater 1 at 165 ◦C, heater 2 at 190 ◦C, heater 3 at 185 ◦C, and heater 4 at 170 ◦C; the
fan speed was set at 30%. The PLA-Mg filaments were stored in a dryer to avoid humidity
spoilage of the PLA.
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Once the PLA-Mg filaments were obtained, morphological characterization was car-
ried out via scanning electron microscopy, SEM, (PHILIPS XL30 Scanning Electron Micro-
scope, Phillips, Eindhoven, The Netherlands). All the samples were previously gold-coated
(~5 nm thickness) in a Polaron SC7640 Auto/Manual Sputter (Polaron, Newhaven, East
Sussex, UK).

Thermal transitions were studied using differential scanning calorimetry in a DSC
Q2000 TA instrument under a nitrogen atmosphere (50 mL·min−1). The thermal analysis
was programmed as follows: First, heating was performed at 10 ◦C·min−1 from 0 ◦C up to
180 ◦C, obtaining the glass transition temperature (Tg) that was calculated as the midpoint
of the transition, the cold crystallization enthalpy (∆Hcc), and the melting enthalpy (∆Hm).

Thermogravimetric analysis, TGA analysis, was performed to study the thermal
degradation of the PLA-Mg filaments in a TA-TGA Q500 thermal analyzer. Dynamic TGA
experiments were performed under a nitrogen atmosphere (flow rate of 50 mL·min−1).
Samples were heated from room temperature to 600 ◦C at 10 ◦C·min−1. In this case,
the maximum degradation temperature (Tmax) was calculated as the peak from the first
derivative of the TGA curves, and the onset degradation temperature, T5%, was taken at
5% of mass loss.

The degree of crystallinity (Xc%) was calculated taking the value of crystallization
enthalpy of pure crystalline PLA (∆Hm

◦) as 93.6 J·g−1 and Wf as the weight fraction of
PLA in the sample [28].

Xc% = 100×
(

∆Hm − ∆Hcc

∆H0
m
◦

)
× 1

Wf
(1)

XRD measurements were performed using a Bruker D8 Advance instrument with a
CuK as source (0.154 nm) and a Detector Vantec1. The scanning range was 5◦ to 60◦, and
the step size and count time per step were 0.023851◦ and 0.5 s, respectively.

Fourier transform infrared spectroscopy, FTIR, measurements were conducted using a
Spectrum One FTIR spectrometer (Perkin Elmer instruments). Spectra were obtained in
the 4000–400 cm−1 region at room temperature in transmission mode with a resolution
of 4 cm−1.

The in vitro degradation process was studied by immersing samples of 2 mm length of
each PLA-Mg filament in the corresponding volume of phosphate-buffered saline solution,
PBS, maintaining the ratio 20 mL PBS: 1 cm2 surface area. The degradation was studied at
different times, taking samples after 7, 14, 21, and 28 days to characterize the first month
and after 84 days, corresponding to 3 months. The extraction days are named Tx, where
x indicates the number of the corresponding day. The as-obtained PLA-Mg filaments are
considered as time 0, T0, and are used as references. Each week, the PBS solution was
renovated. The in vitro degradation process was run in an oven at a constant temperature
of 37 ± 1 ◦C and the amount of H2 released was recorded daily for up to 28 days.

The pH evolution was measured every 7 days for 130 days with a pH METER-02
(Homtiky) with an error of±0.01. The mass of the PLA-Mg filament samples was measured
before beginning the immersion in PBS and after each extraction day. Samples were
removed from the solution, and their surfaces were dried with a paper towel, after which
they were weighed, obtaining the “wet samples weight”. Then, the samples were dried
for 2 weeks under vacuum; afterward, their weights were measured, obtaining the “dry
samples weight”. Water accumulation was obtained from the difference between the mass
of the wet and dried samples. The mass loss was calculated from the difference between
the mass of the dried samples and the mass of the initial samples. A precision balance was
used to weigh all samples within an error of 0.05 mg. The results are given in mass % with
respect to the initial mass for each sample.

Water uptake % = 100×
(

Weight wet−Weight dry
Weight dry

)
(2)
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Mass variation % = 100×
(

Weight dry−Weight initial
Weight initial

)
(3)

3. Results and Discussion

Previously, to obtain PLA-Mg filaments, a cryogenic mill was used to perform the
grinding of Mg powder to Mg microparticles. In Figure 1, SEM images at different magnifi-
cations of Mg microparticles are shown to study their average size and morphology. As
can be seen, round morphology is observed in Mg microparticles with an average particle
size of 12.5 ± 7.4 µm.
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Figure 1. SEM images of Mg microparticles at (a) ×500, (b) ×1000 and (c) ×4000 magnifications.

Once the Mg microparticles were characterized, five different Mg-PLA filaments
were obtained in a two-extrusion-step process. After the extrusion process, the extruded
materials were cut and used as feedstock for a single-screw filament extruder to obtain
filament with a diameter of 1.75 mm. In particular, Mg microparticles were added at 1.2, 5,
10, and 15 wt% with respect to PLA. Neat PLA was also extruded and then a filament of
PLA was obtained. In Figure 2, a digital photograph of examples of filaments and their
corresponding 3D printing pieces is shown.
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To analyze the dispersion of Mg microparticles through the PLA filaments, SEM
images were taken both on the filament surface and the fracture surface and are reported in
Figure 3. Moreover, the average diameter values of the PLA-Mg filaments are also reported
in Figure 3. As can be observed, the neat PLA filament shows smooth morphology with
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an average diameter of 1.79 ± 0.01 mm, which is in good agreement for its further use in
3D printers. Moreover, as the amount of Mg increases, more irregularities can be observed
on the surface of the PLA-Mg filaments. In addition, the average diameters measured for
1.2, 5, 10, and 15 wt% Mg were 1.74 ± 0.01, 1.74 ± 0.07, 1.64 ± 0.03, and 1.71 ± 0.02 mm,
respectively. The presence of Mg powder tends to slightly decrease the average diameter
of PLA-Mg filaments; however, all values are in the range of diameter values possessed
by other commercial filaments. On the other hand, the fracture surface was also studied
using SEM analysis. In Figure 3, a fracture pattern characteristic of polymers such as PLA
can be observed for the neat PLA filament. According to SEM analysis, in the fracture area,
homogeneous distribution of Mg microparticles can be observed through the PLA matrix
with good adhesion between the fillers and the matrix.

Polymers 2023, 15, x FOR PEER REVIEW 5 of 17 
 

 

To analyze the dispersion of Mg microparticles through the PLA filaments, SEM im-

ages were taken both on the filament surface and the fracture surface and are reported in 

Figure 3. Moreover, the average diameter values of the PLA-Mg filaments are also re-

ported in Figure 3. As can be observed, the neat PLA filament shows smooth morphology 

with an average diameter of 1.79 ± 0.01 mm, which is in good agreement for its further use 

in 3D printers. Moreover, as the amount of Mg increases, more irregularities can be ob-

served on the surface of the PLA-Mg filaments. In addition, the average diameters meas-

ured for 1.2, 5, 10, and 15 wt% Mg were 1.74 ± 0.01, 1.74 ± 0.07, 1.64 ± 0.03, and 1.71 ± 0.02 

mm, respectively. The presence of Mg powder tends to slightly decrease the average di-

ameter of PLA-Mg filaments; however, all values are in the range of diameter values pos-

sessed by other commercial filaments. On the other hand, the fracture surface was also 

studied using SEM analysis. In Figure 3, a fracture pattern characteristic of polymers such 

as PLA can be observed for the neat PLA filament. According to SEM analysis, in the frac-

ture area, homogeneous distribution of Mg microparticles can be observed through the 

PLA matrix with good adhesion between the fillers and the matrix. 

 

Figure 3. SEM images of (a) neat PLA, (b) 1.2 wt% Mg, (c) 5 wt% Mg, (d) 10 wt% Mg, and (e) 15 wt% 

Mg filaments and their fracture surfaces. 
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The thermal properties of extruded PLA-Mg filaments were properly obtained from
DSC thermograms and are summarized in Figure 4 and Table 1. In particular, the DSC
curves show that the glass transition temperature (Tg) appears at around 60 ◦C, and
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is always accompanied by a small endothermic peak due to physical aging, commonly
observed in PLA matrices. In addition, the degree of crystallinity remained essentially
unchanged, revealing the amorphous structure of PLA-Mg filaments. In particular, Xc
values of 1.0, 1.0, 0.8, 0.9, and 1.1% were calculated for neat PLA, 1.2, 5, 10, and 15 wt% Mg,
respectively. No significant changes in the melting temperatures, Tm, were observed for
any PLA-Mg filaments, with all values being around 150 ◦C.
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Table 1. Thermal properties for each PLA-Mg filament obtained from DSC curves.

Sample Tg (◦C) ∆Hcc (J/g) Tcc (◦C) ∆Hm (J/g) Tm (◦C) Xc (%) T5% (◦C) Tmax (◦C) R. Mg wt%*

PLA 60 7.43 118 9.43 153 2.0 320 353 0.0

1.2 wt% Mg 59 22.29 114 25.16 150 3.1 320 339 1.1

5 wt% Mg 59 23.69 116 23.80 148 0.8 283 306 4.8

10 wt% Mg 59 23.34 118 23.48 149 0.9 269 295 9.9

15 wt% Mg 59 20.72 121 21.72 150 1.1 263 291 14.6

R. Mg wt%*: Residual Mg wt% measured at 600 ◦C via TGA.

To evaluate the effect of Mg microparticle addition on the thermal stability and degra-
dation temperatures of the PLA matrix, TGA analysis was carried out on neat PLA and
PLA-Mg filaments. As shown in Figure 5 and Table 1, the weight loss curves of Mg-PLA
filaments shift towards lower temperatures with respect to neat PLA filament. In particular,
the thermal degradation starts at 320 ◦C for neat PLA and 1.2 Mg wt% filaments, which
are the highest temperatures measured, and falls to 263 ◦C for the highest amount of
Mg, 15 wt%. These results show that Mg induces the degradation of PLA. This behavior
has been reported in the literature, associated with MgO (present on the surface of Mg
particles), which acts as a catalyst for the PLA depolymerization reaction when the polymer
is subjected to elevated temperatures [29]. In addition, a second degradation at 425 ◦C can
be observed related to the dehydration of Mg(OH)2 on the surface of the Mg microparti-
cles [30]. As can be seen, the residual inorganic amount of each PLA-Mg filament reported
in Table 1 corresponds to the Mg wt% calculated, indicating the success of the extrusion
protocol. Moreover, considering that the temperature usually used in the FDM process for
PLA filaments is around 200 ◦C [31], our PLA-Mg filaments show suitable thermal stability
across the range of Mg concentrations studied for FDM processing.
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Figure 5. Thermograms and TGA derivate for each PLA-Mg filament.

Once the thermal characterization of PLA-Mg filaments was carried out, the in vitro
degradation test in PBS was performed over the course of 84 days, T84, and compared with
the original materials, named T0. To study how the degradation process could affect the
morphology, average diameter, and surface of PLA-Mg filaments, fracture surface images
at T0 and T84 are shown in Figure 6.
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As can be appreciated, the PLA-Mg filaments after 84 days of immersion in PBS
showed an irregular surface with a high number of holes and no presence of Mg microparti-
cles. Remarkably, this phenomenon is observed in the 1.2 wt% Mg filament, which showed
the highest eroded surface of all samples. Moreover, the immersion in PBS provoked
the precipitation of salts deposited on the surface of the PLA-Mg filaments after 84 days.
Parallel to the SEM study, a visual appearance study was carried out to visualize the color
changes of the PLA-Mg filaments every seven days, as shown in Figure 7.
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Figure 7. Visual appearance evolution of each PLA-Mg filament at different times.

Initially at T0, the filaments’ color changed as the amount of Mg increased. In par-
ticular, from a white transparent color for neat PLA to soft gray for 1.2 wt% Mg and dark
gray for 5, 10, and 15 wt% Mg. As the degradation time increased, a loss of gray color was
observed attributed to the release of Mg microparticles, which is in agreement with the
previous fracture surface observed via SEM. After 84 days, all PLA-Mg filaments turned
white, as was the neat PLA sample.

To corroborate the release of Mg and also study the chemical nature of deposited salts,
XRD analysis of PLA-Mg filaments was carried out after 84 days of immersion in PBS and
compared with the XRD patterns at T0, shown in Figure 8.
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Figure 8. XRD patterns of Mg microparticles as well as PLA-Mg filaments (a) at T0 and (b) after
84 days, T84, in PBS media.

According to XRD patterns, the Mg microparticles show crystallographic peaks located
at 2θ = 32.19◦, 34.39◦, 36.62◦, 47.82◦, 57.37◦, 63.05◦, 67.31◦, 68.63◦, 69.99◦, 72.49◦, and 77.82◦

attributed to the [100], [002], [101], [102], [110], [103], [200], [112], [201], [004], and [202]
crystallographic planes, respectively [32]. In particular, the presence of Mg microparticles in
the Mg-PLA filaments is confirmed by the fact that these peaks can be observed in all XRD
patterns shown in Figure 8. However, after 84 days of immersion in PBS, no crystallographic
peaks related to Mg were observed, confirming the release of Mg previously discussed.
Additionally, the presence of NaCl is confirmed by the peaks observed at 2θ = 32.0◦, 45.5◦,
and 56.5◦ attributed to the [200], [220], and [222] crystallographic planes of NaCl [32,33].

On the other hand, before starting the degradation test, neat PLA and PLA-Mg fil-
aments show amorphous structure with no crystallographic peaks attributed to PLA, in
good agreement with previously Xc (%) values measured using DSC. After 84 days of
degradation, the crystallographic peaks located at 16.5◦, 19.1◦, and 22.5◦ related to the
alpha crystalline phase of PLA [33] were observed for PLA-Mg filaments. As reported
in the literature, water molecules showed selective hydrolytic attack towards long PLA
chains in the amorphous phase, which highly affects the degree of crystallinity. In fact, the
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ester groups of aliphatic PLA chains are susceptible to being broken by water molecules,
yielding short PLA chains with carboxylate and hydroxyl end groups [33].

Furthermore, the hydrolysis of ester groups can be monitored using FTIR analysis
following the characteristic peaks related to the stretching of the amorphous carbonyl group
at 1750 cm−1 [33], the stretching of carbonyl in the carboxylate group at 1600 cm−1 [33],
and the stretching peaks related to O-H groups at 3690 cm−1 [33]. With this aim, FTIR
analysis was performed on neat PLA and PLA-Mg filaments at T0 and T84 and reported in
Figure 9.
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Figure 9. FTIR spectra of PLA-Mg filaments (a) at T0 and (b) after 84 days in PBS media.

It is important to remark that characteristic bands attributed to PLA chemical group
vibrations can be observed in all spectra at T0, in particular between 2800 and 3200 cm−1,
the bands attributed to the symmetrical and asymmetrical stretching vibration of CH
groups, and between 1000 and 1500 cm−1, the bands attributed to the symmetrical and
asymmetrical stretching vibration of C-O-C groups. Moreover, at 830–960 cm−1 and
1430–1520 cm−1, the bands assigned to the stretching vibration and bending vibrations of
CH3, respectively, can be observed [33].

It is worth noting that the hydrolytic degradation of the PLA chains was accelerated
by the Mg microparticles. Neat PLA filament showed the same characteristic bands at T0
and T84. However, for PLA-Mg filaments, the hydrolytic degradation after 84 days in PBS
media was confirmed using FTIR following the intensity of the 1750 cm−1 characteristic
band attributed to the amorphous carbonyl group at T84, which is slightly lower than
at T0. Additionally, the presence of two new bands at 3690 and 1600 cm−1, attributed
to the stretching of O-H groups and the stretching of carbonyl in the carboxylate group,
respectively, can be observed in Figure 9. This acceleration can be explained since Mg
is highly hydrophilic, which increases the presence of water molecules that degrade the
PLA matrix.

As the degradation rate of PLA is deeply affected by the amount of water, the per-
centage of water uptake of PLA-Mg filaments during the in vitro degradation test was
calculated every 7 days up to 84 days and reported in Figure 10.
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Figure 10. Percentage of water uptake for each PLA-Mg filament after 7, 14, 21, 28, and 84 days in
PBS media.

The hydrolysis of PLA is controlled by the diffusion of water molecules in the amor-
phous phase [34]. As previously proposed, the presence of Mg highly increases the water
uptake, which implies an increase in the water diffusion through the PLA matrix as seen
in Figure 10. It is important to remark that after 84 days, the amount of water is almost
constant in all PLA-Mg filaments, no matter the amount of Mg. As previously discussed,
after 84 days of immersion in PBS, the Mg released provoked a high number of holes and
erased surfaced sites where water molecules can degrade the PLA matrix.

The main concern in the application of Mg in the biomedical field is its reaction with
water, as shown in Equation (4), in particular the generation of hydrogen, H2 [14].

Mg + 2H2O→ Mg2+ + 2
(
OH−

)
+ H2 (4)

The problem of H2 released in the human body cannot be explained in terms of how
much hydrogen is produced but instead has to be explained in terms of time. In Figure 11a,
the H2 release as a function of immersion time can be observed.
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The accumulated H2 released depends on the Mg content of the PLA-Mg filaments.
As expected, with higher Mg content, the hydrogen release rate increases up to a volume of
50.9 mL of H2 for the highest amount of 15 wt% Mg after 28 days in PBS. It is important
to remark that in any case, the maximum amount of H2 tolerated by the human body,
(2.25 mL/cm2/day) [14], is not achieved, which reveals that our materials are suitable for
biomedical uses. Moreover, the H2 release kinetics start to stabilize after the first two weeks,
where a plateau in the accumulated H2 released is observed in all PLA-Mg filaments and
kept constant during the 28 days. In addition, the amount of Mg that reacted to produce
the measured hydrogen was stoichiometrically calculated and is shown in Figure 11b as
a percentage of Mg mass loss with respect to the initial Mg weight in each filament. It
is important to point out that after 28 days, the 15 wt% Mg filament lost more than 70%
of the Mg, which is in accordance with the large volume of H2 measured for this sample.
Moreover, as the amount of initial Mg increases, the percentage of Mg loss increases by
increasing the time in PBS media. Considering that these percentages are stoichiometrically
calculated by hydrogen measurements, we can approximate that, after 84 days, 100% of Mg
will be released at least for the highest amount of 15 wt% Mg, which is in good agreement
with the XRD analysis previously discussed.

Another concern regarding the Mg reaction with physiological environments is the
alkalization of the surrounding area due to the OH− produced. To verify if the buffer
capacity of the physiological environment can be surpassed by the alkalization produced
in the reaction of Mg with water, the variation in pH in the PBS media was measured every
seven days and is reported in Figure 12.
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Figure 12. Evolution of pH values for each PLA-Mg filament during degradation in PBS media.

As can be observed, the pH values fluctuated around 7.6 for 5 months for all PLA-Mg
filaments. It is important to point out that the pH evolution is quite similar during the first
50 days in PBS media, after which slightly different pH values were observed, in particular
from 7.9 for neat PLA to 6.9 for 15 wt% Mg. This is a contradictory result, taking into
account that 15 wt% Mg is the material that releases the highest amount of hydrogen, which
implies that it must induce the largest increment in pH (alkaline) as well. This behavior
may be understood considering that the polymeric matrix can degrade and release lactic
acid to the medium, which induces a pH decrement that can compensate for the increment
in pH caused by the reaction of Mg.
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Finally, Figure 13 shows the mass variation of PLA-Mg filaments after 7, 14, 21, 28,
and 84 days in PBS media. The PLA-Mg filaments gain mass during the first 28 days,
probably due to NaCl precipitation on the surface of the filaments. However, as discussed
above, the Mg released induces the formation of pores and holes through the surface of the
filaments. Thus, the irregular morphology increases the surface where water molecules
can attack the PLA chains. As can be seen in Figure 13, after 84 days, a high loss of mass
was measured for all PLA-Mg filaments; remarkably, at this time, T84, the water uptake
reported in Figure 10 was the highest. Furthermore, it seems that Mg release occurs after
the 28 first days and then the water uptake increases up to the maximum values where
the highest PLA degradation rate is observed, losing 3, 10, 15, and 10% of mass for 1.2, 5,
10, and 15 wt% Mg, respectively. On the other hand, the neat PLA filament started to lose
mass since the first week in PBS but the PLA degradation was not enough to observe the
FTIR bands related to carboxylate and hydroxyl end groups.
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4. Conclusions

In this work, PLA-Mg filaments for further 3D printing with different Mg microparticle
concentrations were successfully obtained. In particular, Mg microparticles were added
at 1.2, 5, 10, and 15 wt% with respect to the polymeric matrix, obtaining an average
diameter of the filaments in the range of diameters used in 1.75 mm 3D printers. All
the extruded PLA-Mg filaments showed a Tg around 60 ◦C and a Tm around 150 ◦C;
however, the presence of Mg microparticles does not affect the small degree of crystallinity
of pure PLA. Furthermore, PLA-Mg filaments showed high thermal stability, with PLA and
1.2 MgO wt% presenting the highest Tmax values of 353 and 339 ◦C, respectively, this value
further decreasing down to 291 ◦C at 15 wt% of Mg. This phenomenon can be related to
the presence of Mg and in particular the MgO present on the surface of the microparticles
inducing PLA degradation. However, these degradation temperatures are higher than the
temperature used in the extrusion process as well as in 3D printing, which is generally
200 ◦C for PLA-based materials. After the fabrication and characterization of the materials,
in vitro degradation in PBS was studied. From a morphological point of view, PLA-Mg
filaments present an irregular surface and holes after 84 days due to the degradation
process and the release of Mg microparticles. In fact, no presence of Mg microparticles was
observed after 84 days through XRD analysis, confirming the release of Mg. Furthermore,
all the samples with Mg microparticles presented a high water uptake capacity, which
increases water diffusion through the material, improving degradation. The evaluation of
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H2 release at different immersion times revealed that, as expected, 15 wt% of Mg showed
the highest volume of H2 released, without, however, reaching the maximum amount of
H2 tolerated by the human body. Thus, taking into account the obtained results, we can
conclude that our materials are suitable for potential 3D printed biomedical applications.
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Abstract: Background: Several analytical methods for the fiber pull-out test have been developed
to evaluate the bond strength of fiber–matrix systems. We aimed to investigate the debonding
mechanism of a fiber–silicone pull-out specimen and validate the experimental data using 3D-FEM
and a cohesive element approach. Methods: A 3D model of a fiber–silicone pull-out testing specimen
was established by pre-processing CT images of the typical specimen. The materials on the scans
were posted in three different cross-sectional views using ScanIP and imported to ScanFE in which 3D
generation was implemented for all of the image slices. This file was exported in FEA format and was
imported in the FEA software (PATRAN/ABAQUS, version r2) for generating solid mesh, boundary
conditions, and material properties attribution, as well as load case creation and data processing.
Results: The FEM cohesive zone pull-out force versus displacement curve showed an initial linear
response. The Von Mises stress concentration was distributed along the fiber–silicone interface. The
damage in the principal stresses’ directions S11, S22, and S33, which represented the maximum
possible magnitude of tensile and compressive stress at the fiber–silicone interface, showed that
the stress is higher in the direction S33 (stress acting in the Z-direction) in which the lower damage
criterion was higher as well when compared to S11 (stress acting in the XY plane) and S23 (stress
acting in the YZ plane). Conclusions: The comparison between the experimental values and the
results from the finite element simulations show that the proposed cohesive zone model accurately
reproduces the experimental results. These results are considered almost identical to the experimental
observations about the interface. The cohesive element approach is a potential function that takes
into account the shear effects with many advantages related to its ability to predict the initiation and
progress of the fiber–silicone debonding during pull-out tests. A disadvantage of this approach is the
computational effort required for the simulation and analysis process. A good understanding of the
parameters related to the cohesive laws is responsible for a successful simulation.

Keywords: FEA; FRC; fiber-reinforced composite

1. Introduction

Restoring significant facial defects often necessitates the use of a facial prosthesis,
which can be constructed from silicone, acrylic resin, or a combination of both materials [1,2].
Various issues have been reported by different researchers that can affect the functionality
and effectiveness of these facial prostheses. These problems encompass issues like silicone
degradation, separation of silicone from the acrylic base, limitations in simulating natural
facial expressions due to the stiffness of the acrylic base, and a reduction in the seamless
integration of the prosthesis, resulting in visible gaps [3–6].

Efforts have been made to develop new polymeric materials that possess improved
mechanical properties, including a higher tear strength, lower hardness, and reduced
viscosity [6–8]. It has also been proposed that facial prostheses be fabricated in three layers,

Polymers 2023, 15, 3668. https://doi.org/10.3390/polym15183668 https://www.mdpi.com/journal/polymers97



Polymers 2023, 15, 3668

comprising a silicone rubber base material, an inner silicone gel layer, and a thin outer
polymeric coating. However, attempts to modify materials to address specific shortcomings
have often resulted in the compromise of other desirable characteristics. While existing
materials for facial prostheses have seen enhancements, they are not yet considered ideal [9].
Ongoing research aims to create prostheses composed of two or more materials, laminated
and bonded together, each possessing its own optimal properties [9].

Recently, there has been a growing interest in utilizing fiber-reinforced composite (FRC)
as a biomaterial in dental and medical applications [10–13]. When applied to maxillofacial
silicone prostheses, FRC tends to provide more stable margins and a strong bond between
the silicone and the fibers. Moreover, the silicone component offers a realistic sensation
when in contact with the skin, meeting the aesthetic requirements of patients and enhancing
their quality of life [11]. The new technique reported indicated that the silicone polymer
can be encapsulated in a retentive glass fiber-embedded framework as in fiber-embedded
maxillofacial prostheses [11].

Fiber-reinforced composites, particularly those incorporating continuous glass fibers,
offer a wide range of mechanical properties, dependent on factors such as the fiber type,
orientation, quantity, and polymer matrix [14,15]. They have been proved to be suitable
dental and medical biomaterials [16,17].

During clinical service, forces expected to influence the bond integrity between fibers
and silicone polymers are likely to be generated when the patient holds the silicone to
dislodge the prosthesis from the magnetic retentive sites or bars, or during cleaning of the
prosthesis [18].

The pull out forces required to disrupt the bond integrity between fibers and silicone
elastomer have been reported previously to be in the range of (12–20 N). However, earlier
reports have indicated various difficulties with FRC bonding including the experimental
handling of samples and/or the ability to observe the fracture events instrumentally or
usually with enough detail [19–22].

Several analytical methods, such as the fragmentation test, microbond test, and fiber
pull-out test have been developed to evaluate bond strength of fiber–matrix systems [20,23].
The single fiber pull-out test has been extensively used due to its importance in under-
standing the fiber–matrix interface, stress distribution, and strength within materials [15].
The bond strength is determined by measuring the force required to pull-out a fiber bundle
embedded in the matrix [19,20,24–26]. Photoelasticity has been also used to experimentally
measure the stress field at the fiber–matrix interface [27].

One of the most recent numerical methods to investigate fracture mechanics is the
finite element method (FEM). This method is based on continuum damage theories, in
which the difficulty in relating its parameters to well-defined experimental parameters
(i.e., fracture energy) is pointed out. In addition, these methods do not consider the discrete
nature of fracture mechanics [27,28]. A new FEM alternative for these theories has been
related as a discrete approach based on the cohesive elements used at the interface between
standard volume elements to nucleate cracks and propagate them following the deforma-
tion process [29–34]. The aim of the study was to investigate the debonding mechanism
of a fiber–silicone pull-out specimen and validate the experimental data achieved using
3D-FEM and a cohesive element approach.

2. Material and Methods
2.1. Specimen Construction and Test Methodology

The construction process was previously described [15]. Three test samples were
created by embedding unidirectional glass fiber bundles (manufactured by C&B Fibers,
StickTech, Turku, Finland) with a diameter of 1.5 mm and an embedded length of 20 mm
into a heat-polymerized silicone elastomer (Cosmesil M511, Principality Medical, Newport,
UK). The construction of these specimens involved the use of a two-part sectional flask
measuring 100 mm × 80 mm × 30 mm. The lower section of the flask had three holes with
a diameter of 1.50 mm and a depth of 5 mm, into which the fiber bundles were securely
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fixed. Meanwhile, the upper section contained three cylindrical-shaped molds measuring
14.40 mm in diameter and 20 mm in length, where the silicone material was packed. The
two parts of the flask were separated by a thin layer of sodium alginate (Hillier Dental,
Kent, UK).

The glass fiber bundles were subjected to light polymerization for 4 min using a
curing unit (ESPE visio ® Beta vario, 3M ESPE, Seefeld, Germany). Subsequently, the
second part of the flask was assembled over the basal part, allowing the fiber bundles to
protrude through the center of the cylindrical molds. The maxillofacial silicone elastomer
was prepared according to the manufacturer’s instructions, using a ratio of 10 g of rubber
to 1 g of hardener, which was measured with a micro-balance. The silicone was manually
mixed for 5 min and then mechanically mixed under vacuum conditions for 5 min using a
Multi Vac 4 (Degussa, Munich, Germany).

After the mixing process was completed, the silicone was poured into the flask molds
with the assistance of vibration. The flask contents were heat-polymerized in an oven
(Gallenkamp, London, UK) in accordance with the manufacturer’s guidelines, which
involved heating at 100 ◦C for 1 h. Following this, the specimens were gently removed and
allowed to cool at room temperature for 2 h. Subsequently, the specimens were carefully
taken out and stored in a dry environment for 24 h.

A universal testing machine was utilized to undergo the mechanical test of pulling the
fibers out the silicone matrices according to the international society organization standard
(ISO 3501 Tensile Pull Out Test) [35]. A flat rectangular-shaped, metal plate (1.50 mm thick,
16 mm wide, and 20 mm long) was placed on the top of each specimen [11]. The plate
had a middle opening (5.30 mm in diameter) through which the free parts of the fibers
(which were 5 mm long) were pointing out. Then, the free part was fixed in the chuck of
the upper member of the testing machine. The periphery of the metal plate was clasped
between the grips of a holder which is fixed in the base of the testing machine. Since the
metal plate was wider than the diameter of the specimen (16 mm and 14.20 mm), it clasped
the specimen in place and prepared it for running the test without exerting any radial
stresses on the silicone matrices (Figures 1 and 2). The specimens (n = 3) were tested and all
specimens were fixed in alignment parallel to the long axis of the testing machine so that
no bending movements were created in performing the test. The specimens were tested at
room temperature (23 ◦C ± 1 ◦C).
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tair Hyperworks), because the congruence was lost during the previous remeshing pro-
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2.2. Finite Element Modeling: The Steps of FEM Modeling Are Shown in Figures 3 and 4

Pre-processing of CT image slices: The pre-processing of this study was performed
to build a 3D model of a typical fiber–silicone pull-out testing specimen as shown in
Figure 4. Firstly, 866 CT image slices (19.5 µm thick/each slice) were obtained by using
a high resolution Micro-CT (µCT, SkyScan 1072, Aarstselaar, Belgium). Secondly, the
materials on the scans were posted in three different cross-sectional views using ScanIP
(Simpleware, Version U-2022.12) in which masks were applied for the different materials to
allow extended visualization based on image density thresholding.

As a result of the segmentation of these masks, the ScanIP file was imported to ScanFE
in which a 3D generation was implemented for all of the image slices. This file was
exported in FEA format to be processed in ABAQUS. The file was imported in the finite
element analysis and was re-meshed. The mesh was improved using Hypermesh 8.0 (Altair
Hyperworks), because the congruence was lost during the previous remeshing process.
The optimized STL files were imported in a finite element analysis software package
(PATRAN/ABAQUS, version r2) for the generation of the solid mesh, boundary conditions,
and material properties attribution, as well as load case creation and data processing.
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No friction was assumed for the debonded region in the present study. Excluding the 
cohesive interface, which is anisotropic, it was assumed that all of the materials were ho-
mogeneous, isotropic, linear, and elastic and that all the interfaces were perfectly bonded 
and could transfer shear and normal stresses. The cohesive interface needs to be aniso-
tropic because the cohesive elements need to be softened in the directions S11 and S22; 

Figure 4. 3D model of a typical fiber–silicone pull-out testing specimen.

The solid mesh was performed by eight-node hexahedral elements and the debonding
propagation was performed by using cohesive elements which are user-defined elements
within ABAQUS. The total energy for a traction-separation damage evolution (Gc) was
0.11 × 10−3 J and the stress criteria for the cohesive approach S11, S22, and S33 were 5, 5,
and 0.15 MPa, respectively (Table 1).

Table 1. Stress analysis in the Cartesian coordinate system.

Stress Direction

S11 Normal stress component acting along the X-axis

S22 Normal stress component acting along the Y-axis

S33 Normal stress component acting along the Z-axis

2.3. Boundary Conditions, Material Properties and Data Processing

The boundary conditions applied to the model are represented in Figure 5. From the
experimental pull-out test, the fiber displacement of load applied and the corresponding
pull-out force are known for each load step.
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Figure 5. The boundary conditions applied to the model (appearing in orange colour).

No friction was assumed for the debonded region in the present study. Excluding
the cohesive interface, which is anisotropic, it was assumed that all of the materials were
homogeneous, isotropic, linear, and elastic and that all the interfaces were perfectly bonded
and could transfer shear and normal stresses. The cohesive interface needs to be anisotropic
because the cohesive elements need to be softened in the directions S11 and S22; decreasing
the reaction force of them in these directions will enable the fiber to be pulled out from the
silicone matrix. The properties of the materials are presented in Table 2.
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Table 2. Materials properties.

Material Elastic Modulus (MPa) Poisson’s Ratios

Silicone 1.90 0.40

Fiber 81.300 0.2

Steel 210.000 0.30

Cohesive interface
0.50 (E1)
0.50 (E2)
10.0 (E3)

0.5

The Von Mises stress distribution of the fiber–silicone specimen was investigated and
the maximum shear stress distribution was plotted to investigate the stress concentration
during the debonding process at the cohesive interface (for the stress criteria of each
direction: S11, S22, and S33).

3. Results

A typical experimental pull-out curve of 20 mm embedded length is shown in
Figure 6. Force is plotted against displacement (linear region), exhibiting a single peak
where the debonding took place, and then followed by lower peaks indicating frictional
forces between the fiber and the matrix. The test terminated when the fiber was fully
pulled out from the silicone matrix. In the initial quasi-linear region (A), the fiber extends
as the force rises. At Point I, the shear damage initiates. When the maximum force D
(debonding force) is reached, the fiber debonds from the matrix along the full embedded
length. At Point II, a region of traction (T) initiates as a sudden drop of the force E (initial
extraction force) required for pulling out the debonded fiber from the matrix. Finally, the
force continues to decrease as successive lower peaks at the friction region (F), while the
extracted length increases until the fiber is totally extracted from the matrix (Point III).
The same curve is shown in Figure 7 with more details of the debonding region. For this
curve, the displacement was plotted until a 1.8 mm implantation length of the fiber in the
silicone matrix.
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Figure 6. Experimental pull-out force-displacement curve of 20.0 mm embedded length. (A) is
the quasi-linear region; (I) is the initial shear damage point; (D) is the maximum force; (d) is the
displacement of debonding; (II) is the initial traction point; (T) is the region of traction; (E) is the
initial extraction force; (F) is the region of friction; and (III) is the point of complete debonding.
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Figure 7. Experimental pull-out force-displacement curve for 1.8 mm implantation length. (A) is
the quasi-linear region; (I) is the initial shear damage point; (D) is the maximum force; (d) is the
displacement of debonding; (II) is the initial traction point; (T) is the region of traction; (E) is the
initial extraction force; and (F) is the region of friction.

A FEM cohesive zone pull-out force versus displacement is shown in in Figure 8. The
displacement was plotted until the debonding failure. The curve shows an initial linear
response where the fiber extends as the force rises (quasi-linear region A) up to a peak
load D (or in this case, to the apparent strength) when the fiber debonds from the silicone,
followed by an exponential strain-softening region, after a drop of the curve to the initial
extraction (I) (required for pulling out the debonded fiber from the silicone). The force
continues to decrease at region T until the whole fiber is extracted from the silicone at
1.5 mm of displacement (Point III). After this region (T), the tensile stresses are higher than
the shear and the displacement jumps across the interface. From the intrinsic cohesive
failure model, as the interface separates, the magnitude tensile stress in the T region (the
apparent strength) reaches a maximum, after which it progressively becomes null, meaning
that the fiber–silicone is completely debonded.
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Figure 8. Apparent strength vs. displacement response of a fiber–silicone specimen simulated by the
finite element method. (A) is the quasi-linear region; (I) is the initial shear damage point; (D) is the
maximum force; (d) is the displacement of debonding; (II) is the initial traction point; (T) is the region
of traction; (E) is the initial extraction force and (III) is the point of complete debonding.
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The Von Mises stress concentration zone at the interface near the fiber is shown in
Figure 9. At the region with the red fringe, the maximum shear stress concentration is
represented. The stress is distributed along the interface and also at the end of the matrix.
The damage in the three directions (S11, S22, and S33) for the cohesive zone (interface) is
shown in Figures 10–12, respectively. The stress is higher in the direction S33 in which
the lower damage criterion was higher as well (0.15 MPa) in comparison to the others
(both 5 MPa). The initial debonding of the fiber from the silicone matrix is shown on
Figure 13. The cohesive elements are located between the materials, representing the
interface cohesive zone.
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as a criterion for fracture, i.e., a crack will propagate when the interfacial shear stress at a 
crack tip is greater than the shear strength of the interface. On the other hand, the debond-
ing process can also be treated using the fracture energy as a failure criterion. According 
to Griffith’s fracture criterion, the debonding will take place when the work done by the 
applied load minus the energy stored in the system is larger than the work of the interfa-
cial detachment, which is the adhesive fracture energy. This energy is the amount of en-
ergy to separate the unit area of the interface and is used to characterize the bonding 
strength.  
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4. Discussion

The single-fiber pull-out test has been pointed out by many authors as a simple method
that can be used to evaluate interfacial properties such as interfacial shear strength and
frictional stress [20,24]. Most of them have used the interfacial shear strength as a criterion
for fracture, i.e., a crack will propagate when the interfacial shear stress at a crack tip is
greater than the shear strength of the interface. On the other hand, the debonding process
can also be treated using the fracture energy as a failure criterion. According to Griffith’s
fracture criterion, the debonding will take place when the work done by the applied load
minus the energy stored in the system is larger than the work of the interfacial detachment,
which is the adhesive fracture energy. This energy is the amount of energy to separate the
unit area of the interface and is used to characterize the bonding strength.

Some studies have pointed out that during the fiber pull-out tests, initial debonding,
partial debonding, and complete debonding at the interface occur sequentially and the
initial debonding and complete debonding are respectively the beginning and the end
of the partial debonding [36,37]. They have reported that after initial debonding, the
displacement increases with the increasing stress initially and before the displacement
reaches its maximum value, the stress exhibits a decrease and the debonding occurs when
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the displacement reaches the maximum value. The experimental curves obtained in the
present study are in agreement to these theories. In addition, they could indicate that
the free part of the fiber outside the matrix is loaded to a point where partial debonding
happened (I) and that part is free from the stress, causing an instantaneous drop of force to
point E (initial extraction force) [38].

Recent studies have used numerical analysis to understand the stress distribution at
the pull-out set-up. The photoelasticity technique has been used to investigate the stress
field in a matrix at a fiber interface by calculating the shear stress profile and pointing out
the location of micromechanical events [27], but this method cannot reach the complexity
of the interface stress distribution in detail. The finite element method has also been used
to investigate the single pull-out test; however, most of these studies were based on few
parameters or on friction laws that still have known difficulties in understanding and
simulating the interface behavior [23–25,28,39].

Most recently, the FEM was used to carry out the pull-out test simulation using the code
ABAQUS® and its cohesive elements approach, which is characterized by interface elements
with a cohesive constitutive model [30–32,40]. The interface elements were inserted between
the fiber and the silicone matrix for representation of the bonded area and the debonding
process. This cohesive approach includes the complex behavior of debonding which is a
function of the fracture energy (critical energy release rate Gc or ‘cohesive energy’) and
the strength of the interface (peak strength σc or ‘cohesive strength’). For this type of
simulation, an initial crack is not essential [32]. The separation of the cohesive interfaces is
calculated from the difference of the displacements of the adjacent continuum elements [32].
There is a linear relationship that terminates when initial debonding occurs. After initial
debonding, the stress increases at a slower rate with the increase in the displacement, and
it reaches a maximum (in this study, this point is determined by the maximum shear stress,
σc) when complete debonding occurs along the full embedded fiber length (one of the
components of the displacement vector reaches a critical value (δc)) and the continuum
elements initially connected by this cohesive element are disconnected, which means that
the failure has occurred.

In Figure 6, Point I represents the failure in which the cohesive elements have lost
their stiffness so that the continuum elements are disconnected. Since the solid elements
overestimate the maximum shear stress, the failure of the cohesive elements is promoted
and this was well represented by the simulation at around 0.75 mm of displacement, which
confirms the potential of this method to assess the predictive sensitivities of structural
damage tolerance. This prediction can be confirmed in Figure 5, which shows the point D
with a higher value (1.60 mm) than the corresponding value in Figure 6. The maximum
shear stress is achieved when the value of the normal stress (11, 22, and 33 direction),
first shear stress, or second shear stress reaches the limit determined by the stress criteria
(S1: 5 MPa; S2: 5 MPa, and S3: 0.15 MPa). At this point, the stress drops to a new value and
the defect responsible for fiber pull-out initiates. Then, the stress continuously decreases to
zero until the fiber is fully pulled out of the silicone.

It is already known that the friction took place after the debonding between the fiber
and matrix had happened, which supports the absence of this parameter in this study which
is focused on the debonding that happens when the maximum shear stress is achieved. The
differences between the two curves after the maximum shear stress are attributed to the fact
that the friction was not simulated in this study. After the single peak at point D in Figure 4,
where debonding took place, there were lower successive peaks indicating the presence
of frictional forces between the fiber and the matrix. Since the cohesive interface model
tends to “smear” the localized effects near the crack tip through gradual development of
the displacement jumps and gradual decay of the tractions, these peaks are not described
by the cohesive interface model [41]. In Figure 6, this region is represented by a quasi-linear
region with some step-wise (T) where traction is acting almost without any obstacle and
this is why the decrease is progressive until the full pull-out of the fiber from the silicone
matrix instead of presenting successive peaks.
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The step-wise characteristic at this region might happen as a function of the anisotropy
of the cohesive interface which promotes a strain-softening region in the curve (Figure 6).
The results from the shear stress distribution in the softened directions (1 and 2) of the
present study in Figures 8 and 9 are in accordance with some authors that have shown that
the damage in one direction is not independent of what happens in the other [40], which
means that the fiber–silicone system represented could support shear and tensile stress in a
combined way. In this type of simulation, the cohesive interface needs to be anisotropic
because the cohesive elements need to be softened in Directions 1 and 2 to enable the fiber
to be pulled out from the silicone matrix. The shear stress distribution in Direction 3 with
the high elastic modulus (10 MPa) and the lowest damage criterion (0.15 MPa) is shown
in Figure 10. And this represents the highest stress concentration, as Figure 11 shows that
when the effective traction acting on the elements’ facets reaches the cohesive strength of
the material (maximum shear stress, σc), the cohesive elements are inserted adaptatively at
their interior and this means that they are disconnected.

5. Conclusions

The comparison between the experimental values and the results from the finite
element simulations show that the proposed cohesive zone model accurately reproduces
the experimental results. These results are considered almost identical to the experimental
observations about the interface. The FEA simulation is in good agreement with the
experimental results in the part before the peak load, but the agreement is not as promising
in the softening part. The cohesive element approach is a potential function that takes
into account the shear effects with many advantages related to its ability to predict the
initiation and progress of the fiber–silicone debonding during pull-out tests. Among the
disadvantages of this approach are the computational efforts required for the simulation
and analysis process. A good understanding of the parameters that are related to the
cohesive laws is responsible for a successful simulation.
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Abstract: Carbon fiber-reinforced polymers (CFRPs) are being used extensively in modern industries
that require a high strength-to-weight ratio, such as aerospace, automotive, motorsport, and sports
equipment. However, although reinforcement with carbon fibers improves the mechanical properties
of polymers, this comes at the expense of abrasive wear resistance. Therefore, to efficiently utilize
CFRPs in dry sliding contacts, solid lubricant is used as a filler. Further, to facilitate the fabrication
of objects with complex geometries, selective laser sintering (SLS) can be employed. Accordingly,
in the present work, graphite-filled carbon fiber-reinforced polyamide 12 (CFR-PA12) specimens
were prepared using the SLS process to explore the dry sliding friction and wear characteristics
of the composite. The test specimens were aligned along four different orientations in the build
chamber of the SLS machine to determine the orientation-dependent tribological properties. The
experiments were conducted using a pin-on-disc tribometer to measure the coefficient of friction
(COF), interface temperature, friction-induced noise, and specific wear rate. In addition, scanning
electron microscopy (SEM) of tribo-surfaces was conducted to specify the dominant wear pattern. The
results indicated that the steady-state COF, contact temperature, and wear pattern of graphite-filled
CFR-PA12 are orientation-independent and that the contact temperature is likely to approach an
asymptote far below the glass transition temperature of amorphous PA12 zones, thus eliminating
the possibility of matrix softening. Additionally, the results showed that the Z-oriented specimen
exhibits the lowest level of friction-induced noise along with the highest wear resistance. Moreover,
SEM of tribo-surfaces determined that abrasive wear is the dominant wear pattern.

Keywords: selective laser sintering; polyamide 12; carbon fibers; graphite; friction and wear; dry sliding

1. Introduction

Selective laser sintering (SLS), one of the most popular 3D printing techniques, is a
layer-by-layer manufacturing process in which laser energy is used to fuse the particles of
a thermoplastic powder in selected areas that match the layer cross-section of the object 3D
model. The unfused powder provides support for the object being printed, thus eliminating
the need for additional supporting structure, which makes SLS a favorable technique for
additive manufacturing of objects with complex geometries [1]. In addition to being used
for a long time as a rapid prototyping technique, SLS is currently being used to produce
small-to-medium-sized patches of polymeric objects.

Among the few pure materials suitable for the SLS process, polyamide 12 (PA12)
is considered the most popular thermoplastic powder because of its favorable sintering
properties, which include good powder flowability, low melt viscosity, and a wide range
between melting and crystallization temperatures [2]. Even though PA12 parts prepared
by the SLS process have high chemical/environmental stability, reasonable mechanical
properties, high impact resistance, and acceptable wear resistance, the application of SLS to
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modern industries calls for composite materials based on PA12 with tailored mechanical and
tribological properties [3–5]. Therefore, fillers in the form of either particulates, fibers, or a
combination of both have been introduced to enhance the mechanical and/or tribological
properties of laser-sintered functional parts. The most common particulate fillers include
graphite, molybdenum disulfide (MoS2), polytetrafluoroethylene (PTFE), boron nitride
(BN), and glass beads [6,7], while carbon fibers, glass fibers, and aramid fibers are the most
widely used synthetic fibers for the reinforcement of polymer matrix [8].

Recently, polymeric composites have proven to be good replacements for traditional
materials in modern applications that require a high strength-to-weight ratio, such as
aerospace, automotive, motorsport, and sports equipment. Hence, due care must be
paid when designing the polymer composite for a specific application. Proper selection
of particulate/fiber material, shape and size, weight ratio, and surface treatment is ex-
tremely important. The properties of fiber-reinforced polymer composites are extremely
sensitive to fiber weight fraction, fiber length, fiber orientation, fiber preprocessing, and
fiber/matrix adhesion [9,10]. As the properties of SLS-fabricated parts are orientation-
dependent [11–13], it was found that reinforcement with either particles or short fiber
enhances the homogeneity of polymer composites prepared by the SLS process [14,15],
while introducing long or continuous fibers as a reinforcement results in directional proper-
ties of the fibrous composite [9]. Further, the ease with which short fibers are processed
saves manufacturing costs considerably, making them most suitable for the reinforcement
of polymer matrices in additive manufacturing processes [16]. Among the short fibers
used for reinforcement purposes, carbon fibers (CF) are the most widely used fibers to
improve the mechanical properties of polymer composites used in the automotive and
motorsport industries. Furthermore, as neat polymers are thermal insulators, reinforcement
with carbon fibers enhances the thermal conductivity of polymeric composites significantly.
Nevertheless, although reinforcement of the thermoplastic matrix with short carbon fibers
improves the tensile strength and wear resistance, decreases the coefficient of friction and
frictional heating, and enhances the thermal conductivity of thermoplastic composites, it
was found that the elongation at break has decreased significantly [17–19]. Accordingly,
the abrasive wear resistance of carbon fiber-reinforced polymers (CFRPs) is unsatisfactory.
Moreover, in dry sliding conditions, it was reported that fiber crushing results in fiber
thinning followed by fiber pull-out of the matrix, which in turn results in unstable fric-
tional properties [20,21]. Therefore, reinforcement with short carbon fibers can efficiently
promote the mechanical rather than the tribological properties of thermoplastic polymers.
As short carbon fiber-reinforced polymers are being used in applications where they are
prone to direct contact with metallic/polymeric counterparts, it becomes inevitable to
improve the friction and wear characteristics of such composites. For this purpose, solid
lubricants in the form of particulate fillers have been employed to boost the lubricity of
carbon fiber-reinforced polymers.

Graphite is a popular solid lubricant that has been extensively used to improve the
lubricity of tribo-surfaces. The lubricating effect of graphite stems from its distinctive
layered crystal structure, in which carbon atoms are bonded covalently in a hexagonal
pattern within each layer, and layers are bonded to each other by means of weak Van der
Waals forces. As a result, the bulk shear strength of graphite is always lower than the
interfacial shear resistance, allowing graphene layers to be easily removed and transferred
to the counter-surface in sliding contact, thereby reducing the coefficient of friction and
improving the wear resistance of the matrix [22,23]. In addition, graphite as a filler enhances
the mechanical properties and thermal conductivity of the polymer matrix [22]. Hence, to
improve the tribological properties of the thermoplastic matrix and maintain prominent
mechanical properties, graphite powder can be introduced as a filler for carbon fiber-
reinforced polymers. By combining the effects of graphite as a solid lubricant and short
carbon fibers as a reinforcement of the thermoplastic matrix, the resulting composite can
have enhanced tribological as well as mechanical properties.
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With PA12 as a thermoplastic matrix, graphite-filled carbon fiber-reinforced PA12 compos-
ite can meet the increasing demand for a stiff, lightweight, thermally conductive, low-friction,
wear-resistant, and chemically stable material for aircraft, automotive, and Motorsport indus-
tries. The composite can be ideal for applications with fixed and movable joints operating at
low temperatures (less than the glass transition temperature of PA12) and under a wide range
of bearing pressures in harsh environments. Moreover, with graphite powder, short carbon
fibers, and PA12 as the constituents, the composite is most suitable for SLS processing, which
facilitates the fabrication of complex functional geometries based on this composite. However,
so far, very little has been reported regarding the tribological characteristics of a reinforced
thermoplastic filled with a solid lubricant, and very few articles among them are concerned
with composites prepared by the SLS technique [15,24–26]. The few reported results showed
that inclusion of either PTFE or MoS2 could effectively reduce the coefficient of friction of
laser-sintered PA12 by forming a homogenous transfer film on the counter-surface [15,27],
and that a 5–10% weight fraction of graphite was sufficient to significantly improve the
tribological characteristics of PA6 [24].

Hence, this experimental study is dedicated to exploring the tribological features
of graphite-filled carbon fiber-reinforced PA12 (CFR-PA12) composites prepared by the
SLS process. Given that the properties of SLS parts are orientation-dependent, the test
specimens are aligned along four orientations in the build chamber of the SLS machine.
The tribological characteristics of graphite-filled CFR-PA12 composites are examined using
a pin-on-disc tribometer in dry sliding conditions. Frictional heating as well as the friction-
induced noise are measured, and the wear resistance of the composite is evaluated. Finally,
scanning electron microscopy (SEM) is used to investigate the wear patterns that dominate
the worn tribo-surface of test specimens. The results from this study, when compiled with
relevant findings in the open literature, can contribute to a better understanding of the
tribological characteristics of graphite-filled CFR-PA12 composite prepared by SLS under
dry sliding conditions; this can facilitate widening the applicability of this composite in
demanding industries.

2. Materials and Methods
2.1. Selective Laser Sintering of Test Specimens

Selective laser sintering was used to fabricate the test specimens because the SLS
process has proven to be the most reliable 3D printing technology suitable for the manufac-
turing of objects with complex geometries from a wide range of thermoplastic powders.
Further, during the SLS process, the unsintered powder supports the part being manu-
factured, thus eliminating the need for supporting structures. Moreover, the SLS system
is advantageous because it is able to manufacture parts with tailored properties through
the proper selection of fabrication parameters (laser power, scanning speed, scan spacing,
and layer thickness). Another prominent feature of the SLS system is its relatively low
manufacturing cost, as the unsintered powder can be reused in subsequent fabrication
processes. Hence, the test specimens were prepared by the SLS technique using a pow-
der mixture composed of polyamide 12 (PA12) powder as a matrix, a 5% weight ratio of
graphite powder, and a 2.0% weight ratio of short carbon fibers. The powder mixture
was developed in-house by Graphite Additive Manufacturing Ltd. (Aylesbury, UK) and
supplied by EOS GmbH (Düsseldorf, Germany). Hence, micro-sized graphite powder was
used as a particulate filler, while short carbon fibers with 8–10 µm diameter and 20–60 µm
in length were used as reinforcement of PA12 matrix; it was reported that carbon fiber
length of 10–100 µm is optimum for the SLS process [28].

Specimens in the form of pins with a diameter of 4 mm and a length of 25 mm were
fabricated in the SLS build chamber in four different orientations. Fabrication parameters
are given in Table 1. The used SLS system (3D Systems sPro 60 HD-HS) is equipped with a
CO2 laser source of 70 W and a wavelength of 10,600 nm. The specimens were oriented
along the X-axis, Y-axis, Z-axis, and at 45◦ to the X-axis (X45) in the build chamber, as
shown in Figure 1a, and were built along the positive Z-axis. The tribo-surfaces of test
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specimens are perpendicular to each orientation. It is worth noting that the SLS fabrication
parameters outlined in Table 1 were selected by the manufacturer for optimum part density,
dimensional accuracy, and mechanical properties. Cosmetic finishing (light media blasting)
was applied to remove the unsintered powder particles from the specimen surface after
drawing them out of the build chamber. Figure 1b shows clear marks of SLS build layers in
the X-oriented specimen; however, this was not visible on the surface of other specimens.

Table 1. SLS parameters of graphite-filled CF-PA12 composite.

Graphite/CF/PA12 Composite

Powder color Black color
SLS system 3D Systems SLS sPro 60 HD-HS
Outline power (W) 11
Hatching power (W) 34
Scanning speed (m/s) 12
Scan spacing (mm) 0.15
Layer thickness (mm) 0.1

Polymers 2023, 15, x FOR PEER REVIEW 4 of 16 
 

 

are given in Table 1. The used SLS system (3D Systems sPro 60 HD-HS) is equipped with 
a CO2 laser source of 70 W and a wavelength of 10,600 nm. The specimens were oriented 
along the X-axis, Y-axis, Z-axis, and at 45° to the X-axis (X45) in the build chamber, as 
shown in Figure 1a, and were built along the positive Z-axis. The tribo-surfaces of test 
specimens are perpendicular to each orientation. It is worth noting that the SLS fabrication 
parameters outlined in Table 1 were selected by the manufacturer for optimum part den-
sity, dimensional accuracy, and mechanical properties. Cosmetic finishing (light media 
blasting) was applied to remove the unsintered powder particles from the specimen sur-
face after drawing them out of the build chamber. Figure 1b shows clear marks of SLS 
build layers in the X-oriented specimen; however, this was not visible on the surface of 
other specimens.  

 
Figure 1. (a) Schematics of specimens’ orientation in the SLS build chamber. (b) X-oriented test spec-
imen showing marks of build layers. 

Table 1. SLS parameters of graphite-filled CF-PA12 composite. 

 Graphite/CF/PA12 Composite  
Powder color Black color 
SLS system 3D Systems SLS sPro 60 HD-HS 
Outline power (W) 11 
Hatching power (W) 34 
Scanning speed (m/s) 12 
Scan spacing (mm) 0.15 
Layer thickness (mm) 0.1 

2.2. Pin-on-Disc Tribometer 
The dry sliding characteristics of graphite-filled CFR-PA12 composite were investi-

gated using a pin-on-disc tribometer, at which the pin-shape test specimen is inserted into 
a pin holder located in the middle of a loading lever. Then, the pin is loaded against the 
steel disc by means of a hanging deadweight at the end of the loading lever (see Figure 2). 
The stainless steel disc is rotated by means of a drive unit while the specimen is fixed. To 
maintain dry sliding conditions at the interface, 99.9% ethanol was used to clean the disc 
surface to remove any dirt, oily substances, or adsorbed matter, and the experiments were 
conducted in a dry environment (air humidity was less than 10%). Several stainless steel 
discs were manufactured with close surface roughness so that every test specimen is ex-
amined against fresh disc tribo-surface; this was adopted to rule out the effect of the 
formed transfer film on friction and wear behavior at the interface. The surface roughness 
of steel discs was measured using portable surface roughness tester (SURFTEST SJ-210, 
Mitutoyo, Kanagawa, Japan), and the average surface roughness (Ra) value in the radial 

Figure 1. (a) Schematics of specimens’ orientation in the SLS build chamber. (b) X-oriented test
specimen showing marks of build layers.

2.2. Pin-on-Disc Tribometer

The dry sliding characteristics of graphite-filled CFR-PA12 composite were investi-
gated using a pin-on-disc tribometer, at which the pin-shape test specimen is inserted into
a pin holder located in the middle of a loading lever. Then, the pin is loaded against the
steel disc by means of a hanging deadweight at the end of the loading lever (see Figure 2).
The stainless steel disc is rotated by means of a drive unit while the specimen is fixed. To
maintain dry sliding conditions at the interface, 99.9% ethanol was used to clean the disc
surface to remove any dirt, oily substances, or adsorbed matter, and the experiments were
conducted in a dry environment (air humidity was less than 10%). Several stainless steel
discs were manufactured with close surface roughness so that every test specimen is exam-
ined against fresh disc tribo-surface; this was adopted to rule out the effect of the formed
transfer film on friction and wear behavior at the interface. The surface roughness of steel
discs was measured using portable surface roughness tester (SURFTEST SJ-210, Mitutoyo,
Kanagawa, Japan), and the average surface roughness (Ra) value in the radial direction
(i.e., perpendicular to the sliding direction) of all disc surfaces was 0.34 ± 0.03 microns.
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2.3. Experimental Measurements

The measurements were conducted to evaluate the coefficient of friction (COF), ap-
proximate contact temperature, friction-induced noise, specific wear rate, and to investigate
the dominant wear pattern along each build orientation. To evaluate the COF at the com-
posite/disc interface, the friction force was measured by means of a double-bending beam
force sensor along with an NI-9237 module and an NI-compactDAQ controller [7,20]. A
Labview code was developed to manage the sensor signal, in which a moving average
function was used to return the average value of the COF every 0.5 s.

Since measurement of the actual contact temperature is not straightforward, a close
approximation of contact temperature was obtained by measuring the disc temperature
very close to the trailing edge of the pin (see Figure 2). For this purpose, an infrared
laser temperature sensor (FT-H30, KEYENCE, Itasca, IL, USA) and a digital amplifier unit
(FT-50AW, KEYENCE, Itasca, IL, USA) were used to detect the frictional heat emitted from a
circular area of 6 mm in diameter in the vicinity of the contact zone. To measure the friction-
induced noise, the pin-on-disc tribometer was arranged inside a semi-anechoic chamber
lined with high-density polyurethane acoustic foam. The noise level was measured using
a digital sound level meter (GM 1357, Benetech co., Shenzhen, China). An Arduino Uno
microcontroller board (SMD R3, Arduino.cc, Ivrea, Italy) was used to manage the output
signals of the infrared laser temperature sensor and the digital sound level meter, and a
moving average function was applied to calculate the average values of contact temperature
and frictional noise level every 0.5 s.

Finally, a thin film of gold (less than 100 Å) was deposited on the worn tribo-surfaces
of graphite-filled CFR-PA12 specimens in a plasma sputtering device (sec-MCM-100P ion
sputtering coater) to render them electrically conductive, and then scanned with a scanning
electron microscope (SNE-4500M Plus, Sec Co., Suwon, Republic of Korea) to determine
the wear patterns that predominated the tribo-surface.

2.4. Experimental Conditions

The results presented in this work outline the tribological characteristics of a graphite-
filled CFR-PA12 composite prepared using SLS under dry sliding conditions against a
steel counter surface. Tribological characterization was conducted using a pin-on-disc
tribometer, where the pin is a rod with a diameter of 4 mm and length of 25 mm and made
of laser-sintered graphite-filled CFR-PA12 composite, while the disc is made of stainless
steel. The applied load on the pin was 50 N, thus the apparent contact pressure at the
pin/disc interface was about 4 MPa; however, the actual contact pressure is much higher
than the apparent value as the real contact area is much smaller than the apparent one [29].
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The sliding track radius was 20 mm, and the disc rotation velocity was 120 rpm; thus, the
pin sliding speed was about 250 mm/s. A dry sliding experiment was conducted for a
duration of 45 min to explore the steady-state performance of the graphite-filled CFR-PA12
composite. The current experimental conditions are given in Table 2.

Table 2. Pin-on-disc experimental conditions of graphite-filled CFR-PA12 composite.

Specifications

Normal load (N) 50
Disc rotation velocity (rpm) 120
Sliding track radius (mm) 20
Sliding speed (mm/s) 250
Test duration (min) 45
Disc initial temperature (◦C) 29–30
Background noise level (dBA) 35–37
Humidity (%) 7–10

3. Results and Discussions

The results presented in the following sections address the potential effects of part
orientation on the coefficient of friction, friction-induced noise, contact temperature, and
specific wear rate of laser-sintered graphite-filled CFR-PA12 composites under dry sliding
conditions against steel countersurfaces.

3.1. Coefficient of Friction (COF)

There are two components of friction: the mechanical component representing the
material resistance to ploughing/microcutting by the asperities of the counter surface, and
the adhesion component representing the resistance to shearing of adhesive junctions at
spots of real contact. Indeed, the adhesion component contributes most to the frictional
resistance of polymers and polymer composites [30,31]. Figure 3 shows the variations of the
COF over sliding time for graphite-filled CFR-PA12 specimens with different orientations.
The results from Figure 3a reveal that there has been a sharp increase in the COF of X-
oriented, Y-oriented, and X45-oriented specimens during the running-in stage, while the
Z-oriented specimen shows a gradual increase in COF during the same process. The
running-in process lasts for a few minutes (less than 10 min), then a steady state is attained
at which the COF of all specimens is remarkably close. Interestingly, the steady-state COF of
all specimens is about 0.26 and is likely to fall behind this value as sliding continues. Such
low COF indicates that abrasive wear dominates the tribo-surface of graphite-filled CFR-
PA12 specimens, regardless of part build orientation. Indeed, reinforcing PA12 with short
carbon fibers decreases the elongation at break considerably and, consequently, reduces
the abrasive wear resistance of CFR-PA12. Additionally, introducing graphite powder as a
filler further decreases the elongation at the beak and hence the abrasive wear resistance
of the specimens, according to the Ratner-Lancaster correlation [31]. Due to the lamellar
structure of graphite, upon sliding against a steel surface, the weak Van der Waals forces of
attraction between layers allow graphite layers to be easily sheared away and transferred
into the disc surface, thus increasing the interface lubricity and decreasing the steady-state
COF. Figure 4 shows evidence of a transfer film attached to the sliding track on the disc
surface after testing graphite-filled CFR-PA12 samples. Consequently, transferred graphite
layers on the disc surface decrease the interfacial shear strength of adhesive junctions,
rendering all junctions to be sheared away at the interface rather than at the polymer
subsurface, and hence the frictional heating, friction-induced noise, and wear volume are
decreased significantly.

The gradual increase of the COF for Z-oriented specimens at the running-in stage,
shown in Figure 3b, is attributed to the corresponding gradual increase in real contact
area. At the initial stages of the running-in process, carbon fibers contribute to supporting
the normal load; however, as rubbing continues, the PA12 layer that encapsulates the
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fibers and graphite particles is continuously removed, rendering the fibers and graphite
particles susceptible to direct contact with the disc surface. Consequently, thinning of
carbon fibers occurs and more PA12 spots get into contact with the disc surface, resulting
in a corresponding increase in adhesive resistance [20], hence the COF of the Z-oriented
specimen increases accordingly.
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Figure 4. Formation of transfer film on the disc surface (optical microscopy).

Contrarily, the steep increase in COF of specimens built along X, Y, and X45 directions
during the running-in process is attributed to the frequent formation and shearing out
of adhesive junctions at the sliding interface since it was reported that most frictional
resistance is associated with adhesion at the interface until a stable transfer film of graphite
layers is formed on the disc surface, then a steady state COF is reached and manifested by
a uniform wear rate. Indeed, the highest wear volume of polymer composites is associated
with the running-in process [32].

3.2. Friction-Induced Noise

In polymer tribology, friction-induced noise is attributed to the adhesive component of
friction at the sliding interface. Adhesion bonds are formed either at surface or subsurface
zones of real contact. Surface adhesive bonds are formed when the gap size between poly-
mer and countersurface is less than 100 Å by means of weak Van der Waals molecular forces.
Meanwhile, subsurface adhesive bonds are formed at both sides of ploughing/cutting
asperities of the harder surface. In both cases, the breaking of adhesive bonds results in
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what is termed friction-induced noise, which is a ruling parameter in polymer tribology.
Therefore, by reducing the COF, the friction-induced noise is reduced significantly. The
most effective way to reduce the adhesive component of friction is to lubricate the interface,
either using liquid or solid lubricant. Figure 5 shows frictional noise variations with sliding
time for graphite-filled CFR-PA12 specimens of various orientations. It is worth noting that
the background noise at the experimentation site was 35–37 dBA.
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Although the steady-state COF of all specimens is remarkably close, the results from
Figure 5 depict that the test specimens have diverse levels of friction-induced noise through-
out the test duration. A possible explanation for this inconsistency might be that the pattern
of friction at the running-in stage has a prolonged effect on the friction-induced noise. The
repeated formation/breaking of adhesive junctions between X-, Y-, and X45-oriented speci-
mens and disc surfaces results in steep growth of both the COF and friction-induced noise at
the running-in stage. It is apparent from Figures 3b and 5 that, during the running-in stage,
the COF increases in an asymptotic manner and so does the friction-induced noise until
steady state conditions are attained, and then the friction noise remains at the same level
throughout the experiment duration. Another interesting finding from Figures 4 and 5 is
the remarkable synchronous pattern of evolution of friction-induced noise and COF for the
Y-oriented specimen, at which the friction-induced noise asymptotically decreases as the
steady-state COF decreases. Another important remark from Figure 5 is that the Z-oriented
specimen has the lowest friction noise level, but with severe fluctuations. Since the COF of
the Z-oriented specimen is still near the lowest value amongst all orientations throughout
the test duration, this behavior may be attributed to the interaction between carbon fibers
and disc surface [20]; however, this explanation does not rule out the prominent effect of
interfacial adhesion as the real area of contact increases with increasing sliding time. To
emphasize the role of interfacial adhesion, Figure 6 shows clear marks of strong tearing of
the PA12 matrix, manifested by the appearance of stringy tongues unfirmly attached to the
surface. For tearing to occur, strong interfacial adhesion along with anisotropic cohesion
properties must exist. Tearing results in the formation of PA12 wear flakes that may roll
between surfaces or be attached to a sliding surface [33–35]. Similarly, the friction-induced
noise of an X-oriented specimen tends to exhibit strong fluctuations near the end of testing
time. This may be influenced by the softening of the PA12 matrix because of the cumulative
frictional heating that fosters the formation of adhesive bonds, which results in an increase
in frictional noise (see Figure 6).
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3.3. Contact Temperature

When a thermoplastic slides against a hard counter surface, the interfacial interac-
tion results in frictional energy losses in one or more of the following forms: (1) losses
due to subsurface plastic deformations by means of hard asperities (ploughing and/or
microcutting); (2) losses due to surface adhesion; (3) losses due to subsurface adhesion
in ploughing and/or microcutting; and (4) losses due to polymer hysteresis (difference
between induced elastic deformation energy and the retained back-pushing elastic energy).
Indeed, ploughing and microcutting are principal sources of subsurface heating, while
adhesion can be a major source of surface as well as subsurface heating. Meanwhile, hys-
teresis losses contribute to subsurface heating. Moreover, repeated formation/rupture of
adhesive bonds causes severe vibrations of subsurface polymer molecules that contribute to
subsurface heating [36]. Figure 7 shows the variations in approximate contact temperature
with sliding time for specimens built along the four different orientations. It is apparent
from Figure 7 that the approximate contact temperature increases in an asymptotic manner
with increasing sliding time; however, there is no significant difference between the contact
temperatures of different specimens. Further, the cumulative increase in contact tempera-
ture is only 13 ◦C after 45 min of dry sliding. Indeed, the enhanced thermal conductivity of
graphite and carbon fibers contributes to the thermal stability of graphite-filled CFR-PA12
composites, regardless of build orientation. Additionally, the transfer film of graphite layers
that formed on the disc surface acts to decrease surface and subsurface adhesion, which is
the major source of frictional heating in dry sliding conditions. The most interesting result
from Figure 7 is that increasing the sliding time is unlikely to cause a corresponding increase
in contact temperature, as the contact temperatures tend to reach an asymptote far below
the glass transition temperature (Tg) of the amorphous regions of the PA12 matrix. In fact,
introducing CFs as a reinforcement is expected to increase the glass transition temperature
of PA12. This can be explained as follows: upon sliding, the CFs support the majority of
the applied load, and hence a high contact pressure is developed at the disc/CFs interface,
which in turn is transmitted to the PA12 matrix. As the crystallinity percent of laser-sintered
PA12 is 24.5% [37], high levels of contact pressure result in a corresponding increase in
glass transition temperature in amorphous regions of the PA12 matrix. Accordingly, since
the glass transition temperature of PA12 is around 50 ◦C [38,39], including graphite and
carbon fibers is likely to increase the glass transition temperature beyond this value. As the
contact temperature of graphite-filled CFR-PA12 increases in an asymptotic manner that is
far below 50 ◦C, the result from Figure 7 demonstrates the potential of this composite to
replace conventional bearings operating in harsh environmental conditions.
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Figure 7. Asymptotic increase of contact temperature with sliding time.

3.4. Specific Wear Rate

Evaluation of a material’s specific wear rate is an efficient method to visualize its wear
resistance; wear resistance is proportional to the reciprocal of the specific wear rate. The
specific wear rate of polymer composites (Ks) depends on the wear volume (∆V), normal
load (FN), and sliding distance (L) and is expressed as [40]:

Ks =
∆V

FN × L
(1)

Figure 8 shows the specific wear rates of graphite-filled CFR-PA12 specimens built
along the four different orientations. The results reveal that the Z-oriented specimen has
the lowest specific wear rate and hence the highest wear resistance amongst all other
orientations. Accordingly, the results from Figure 8 are in good agreement with those
obtained from Figures 3–7, as the Z-oriented specimen exhibited the lowest levels of COF
and friction-induced noise. However, it is somewhat surprising that the X45-oriented
specimen shows a comparatively high specific wear rate and hence a lower wear resistance,
although it has a comparable COF to other specimens. A possible explanation for this
behavior might be the continuous removal of the transfer film from the disc surface; it was
found that the wear rate of polymers is dictated by the rate of removal of the transfer film
from the countersurface rather than by the rate of polymer transfer into the film [31]. The
transfer film can be removed from the disc surface by the peeling action of protuberant
carbon fibers [20]; this is manifested by the detected high level of frictional noise of the
X45-oriented specimen (see Figure 5). Likewise, the high frictional noise can be evidence
of strong surface and/or subsurface adhesion that leads to localized tearing of the PA12
matrix and subsequent buildup of the transferred layer on the disc surface. Eventually,
the repeated rubbing causes such lumps of wear debris to be detached and replaced by a
fresh migrating film. Such poorly attached transferred film is the main reason behind the
increased wear rate of the X45-oriented specimen.

Nevertheless, it is important to keep in mind that the tribological characteristics of
thermoplastic composites are susceptible to small variations in experimental conditions.
Therefore, the abovementioned results cannot be extrapolated to conditions other than
those mentioned in Table 2. Hence, thorough investigations for a wide range of exper-
imental conditions combined with a proper machine learning (ML) model can help in
fabricating components with customized tribological properties based on graphite-filled
CFR-PA12 composite [5]. Additionally, the results from Figures 3–8 suggest that functional
sliding bearings based on graphite-filled CFR-PA12 composite where the bearing surface
is built normal to the Z-orientation can perform reliably under low sliding speeds and
high contact pressure; such prominent features render the laser-sintered graphite-filled
CFR-PA12 composite ideal for aerospace, motorsport, and electric vehicle applications.
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Figure 8. Specific wear rate of graphite-filled CFR-PA12 specimens with different orientations.

3.5. Scanning Electron Microscopy (SEM)

The worn tribo-surfaces of the specimens were investigated using SEM to determine
the prevailing wear patterns for the purpose of suggesting microstructural solutions to
enhance the wear resistance of the composite. Figure 9 shows an SEM picture of the worn
surface of the X-oriented specimen. The tribo-surface shows evidence of weak adhesion and
is characterized by clear marks of abrasive wear in the form of deep microcutting grooves.
Further, the tribo-surface of the X-oriented specimen features two types of microcracks:
(1) boundary microcracks at the CF/PA12 interface due to poor bonding that necessitates
proper surface treatment of CF to enhance adhesion with the PA12 matrix; and (2) fatigue
microcracks (aligned normal to the sliding direction) due to repeated shearing of adhesive
junctions at the interface. Additionally, fiber thinning was detected, which supports the
hypothesis that disc/fiber interaction contributes to the friction-induced noise of carbon
fiber-reinforced polymers (CFRPs). Moreover, the existence of tiny rolls of PA12 wear debris
(i.e., roll formation) that are collected in deep microcuts is evidence of weak interfacial
adhesion. Furthermore, the tribo-surface of the X-oriented specimen shows a loosely
attached PA12 lump as evidence of delamination. The delamination of the PA12 matrix
occurs as a result of the propagation and subsequent coalescence of surface microcracks
(either fatigue microcracks or boundary cracks).
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Similarly, Figure 10 shows an SEM picture of the worn surface of the Y-oriented
specimen. The results from Figure 10 indicate that abrasive wear is the dominant wear
pattern of the Y-oriented tribo-surface, which is free from any signs of interfacial adhesion.
Another interesting feature of the Y-oriented CF-PA12 tribo-surface is fiber thinning by
the pulverization action of the steel countersurface, which releases fine graphite particles
and further lubricates the composite/disc interface. Eventually, released graphite particles
from both sources (i.e., shearing of graphite inclusions and pulverization of CFs) act to
decrease the COF, friction-induced noise, and interface temperature. This may explain
the remarkable asymptotic decrease of both the COF and the friction-induced noise of
the Y-oriented specimen. Further analysis of Figure 10 reveals that upon coalescence of
boundary cracks at the CF/PA12 interface, delamination occurs and releases lumps of PA12
that may initiate a state of three-body abrasion [41,42].
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Likewise, Figure 11 further confirms that abrasive wear is the dominant wear pattern
of the Z-oriented graphite-filled CFR-PA12 specimen; the tribo-surface is characterized by
a continuous microcutting groove. In addition, the tribo-surface shows straightforward
evidence of CF pulverization and shearing/chopping of graphite filler. Although thin-
ning/pulverization of CFs produces further graphite powder that effectively reduces the
COF and wear rate, this comes at the expense of frictional noise as the prolonged interaction
between CFs and disc surface eventually increases the friction-induced noise of Z-oriented
specimens (see Figure 5).
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Figure 11. SEM of the worn tribo-surface of the Z-oriented graphite-filled CFR-PA12 specimen.

Similarly, Figure 12 shows an SEM picture of the tribo-surface of an X45-oriented
specimen, where the worn surface features clear marks of deep microcutting grooves.
Additionally, tiny graphite debris, which formed as a result of either CF crushing or
shearing of graphite filler particles, is noticeable. However, the most interesting features
of the tribo-surface of the X45-oriented specimen are the presence of protruded CFs and
the deep microcutting grooves; these two features were the reason behind the friction
and wear characteristics of the X45 specimen, as the protuberant carbon fibers that are
aligned parallel to the sliding direction act to remove the transfer film from the disc
surface, hence increasing the specific wear rate of the X45-oriented specimen. Further, the
interaction of CF with the disc surface increases the friction-induced noise as CFs are stiff
amorphous materials [20]. Meanwhile, the deep microcutting groove affirms the possibility
of subsurface adhesion at either side of the cutting asperities and hence contributes to the
elevated level of frictional noise.
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4. Conclusions

The present experimental study was conducted to explore the dry friction and wear
characteristics of graphite-filled CFR-PA12 composites that were prepared by the SLS pro-
cess. The effect of part-build orientation on tribological properties was investigated. For
this purpose, the COF, contact temperature, friction-induced noise, and wear rate were
measured for specimens built along four different orientations (X, Y, Z, and X45 orien-
tations). The experiments were conducted using a pin-on-disc tribometer, and scanning
electron microscopy (SEM) was used to investigate the wear patterns that dominated the
tribo-surfaces. The results revealed that the steady-state COF, contact temperature, and
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wear pattern of graphite-filled CFR-PA12 are orientation-independent and that abrasive
wear is the dominant wear pattern regardless of build orientation. In addition, the results
showed that the Z-oriented specimen possesses the highest wear resistance combined with
the lowest level of frictional noise among all other orientations. Unlike other orientations,
the COF of Z-oriented specimens increases in an exponential manner during the running-in
stage as a result of CFs/disc interactions. As a result of CFs/disc interaction, fiber crushing
and/or thinning occurs, which eventually releases fine graphite particles between the
rubbing surfaces and thus enhances the interface lubricity.

Furthermore, analysis of tribo-surfaces using SEM determined that shearing of graphite
inclusions and fibers thinning release graphite debris at the interface, thus decreasing the
COF, contact temperature, and friction-induced noise. Optical microscopy of the disc
surface showed that a stable transfer film was formed on the disc surface that acts to
decrease the COF, surface and subsurface adhesion, and specific wear rate of the Z-oriented
test specimen.

However, despite the abovementioned promising features of the laser-sintered graphite-
filled CFR-PA12 composite, further research is needed to explore its tribological properties
under a wide range of operating conditions. With this in hand, artificial intelligence can be
employed to help fabricate functional bearings with customized tribological properties.
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Abstract: The aim of this work is to analyze water sorption in hybrid polyester/glass fabric/jute
fabric composites molded via compression and VARTM (Vacuum-Assisted Resin Transfer Molding).
The laminates were produced with five different stacking sequences and subjected to water sorption
testing at room temperature, 50 ◦C and 70 ◦C. This study consisted of two stages: experimental
and theoretical stages. The composites had a fiber volume content ranging from 30% to 40%. Water
absorption and diffusion coefficient in the hybrid composites were intermediate to those reinforced
with a single type of fiber. There were no significant differences in these properties based on fiber
arrangement once the composites reached saturation. Diffusion coefficient values were higher for
specimens with jute fiber on at least one of the outer surfaces. Water sorption rates increased with
higher immersion temperatures. The water sorption at saturation point was not affected by the
manufacturing process. Among the hybrid composites, those with jute on the surfaces showed the
highest diffusion coefficient, while those with glass on the surface had the lowest values. Higher
diffusion coefficient values were observed at temperatures of 50 ◦C and 70 ◦C. The main influencing
factors on the absorbed moisture content for composites are the presence and content of jute fibers in
the system and the immersion temperature. The manufacturing process does not affect the water
sorption at saturation point.

Keywords: hybrid composites; jute fiber; VARTM; water sorption

1. Introduction

GFRP composites are increasingly being used as an alternative to traditional materials
due to their low density, high strength, and stiffness. Aiming to reduce the environmental
impact and preserve the environment, vegetable fibers are replacing synthetic fibers as
reinforcement in composites, even if the mechanical properties of vegetable fibers are lower
than synthetic ones. A solution to this problem is the partial substitution of synthetic fibers
by plant fibers to create a hybrid composite [1]. Jute fibers have been used for this purpose
because they are abundant, available in many countries, have low financial cost, and a
good set of mechanical properties [2].

Fibrous hybrid composites are materials in which two or more different fibers—
synthetic or natural—are used to reinforce a given matrix. Fibrous hybrid composites
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have intermediate mechanical properties between those of the same composite reinforced
by each one of the fibers [3]. Therefore, hybrid composites reinforced by plant fibers or
plant/synthetic hybrids cannot be intended for high-performance and costly applications
because vegetable fibers have lower mechanical properties than synthetic fibers [1]. Even
so, the use of these hybrid composites allows the material to reach suitable properties and
meet project requirements, as well as improving a specific property of the material through
the addition of a second reinforcement [4–6].

In fibrous hybrid composites, the fibers can be arranged in several different ways:
interlaminar, intralaminar, and mixed [7–10]. Some other factors have an influence on
the properties of hybrid composites: the mechanical properties and nature of the fibers,
the length of the different types of fibers, and the quality of the interfacial connection
between the different fibers and the matrix [10]. The synergistic effect is also reported
for hybrid composites with two or more resin systems or additional constituents such
as inserts, nanoparticles, and additives [11–13]. The fiber stacking sequence is another
parameter that directly influences the mechanical properties of hybrid composites [14].
Some authors investigated the effects of adding glass fiber in composites reinforced with
natural fibers [15–21]. All of them concluded that the addition of glass fibers increased the
mechanical properties of these composites.

The properties of materials change over time, suffering degradation due to external
effects. Most polymeric composites are sensitive to light, humidity, and heat, among other
aggressive environments. The exposure of a material to aggressive environments generates
changes over time that can be observed in engineering properties such as strength and
rigidity; physical characteristics such as density; or in chemical characteristics such as
reactivity to chemical products [22]. The degradation of composites can occur not only
with the degradation of the material components, but also with the loss of interaction
between them, that is, the deterioration of the fiber/matrix interface [15]. Glass fibers
experience significant mechanical property losses due to corrosion mechanisms promoted
by environmental exposure [23].

Aging tests are used to investigate the degradation of composites under service
conditions. Accelerated or natural aging tests can be performed to produce physical and/or
chemical degradation. For instance, in the water sorption test, the material is immersed
in an aqueous solution, with or without controlled temperature, in order to degrade at an
accelerated rate. This is a way of understanding the material’s behavior when exposed to
humidity. The glass transition temperature of thermosetting systems is modified when they
are immersed in water at different temperatures until the saturation point is reached [24].

One-way composite materials absorb moisture into their structure through voids.
The voids in the structure of the material will compromise the mechanical properties not
only because of their existence, but also because they increase moisture absorption. Water
absorption by composites does not occur only due to the existence of voids, but also due to
the chemical affinity and type of matrix, temperature, polarity, diffusivity, and hydrogen
bond formation, in addition to the nature, volumetric fraction, orientation, porosity, and
geometry of fibers or fabrics [25–27].

Sorption is the phenomenon of mass transfer, where molecules from a liquid phase
are associated with an immobile phase [28]. Water sorption in the composites followed a
Fickian behavior [27,29]. Water sorption can be divided into adsorption that is related to the
solid/fluid interface, where there is an accumulation of water molecules on the solid surface
of the material, and absorption that occurs when water molecules penetrate the solid surface
and settle inside the material. Water sorption in polymeric composites can be quite complex.
When considering temperature variation, hygrothermal aging mainly damages the matrix,
such as partial or total swelling and the formation of microcracks. This initial damage induces
other damage mechanisms, such as interfacial debonding, delamination, fractures along the
interface, resin particle loss, and fiber rupture [27,30–36]. Matrix swelling caused by water
absorption is generally harmful to the fiber/matrix interface due to fiber detachment, which
reduces the mechanical performance of the composite [27,32,37,38]. The diffusion of water

127



Polymers 2023, 15, 4438

molecules into polymeric networks will act as plasticizers. Plasticization tends to modify
the glass transition temperature and decrease the strength of the composite [39]. On the
other hand, moderate plasticization can also improve fracture toughness, preventing crack
propagation in the material [40]. With a better adhesion between the reinforcement and the
matrix, there was a reduction in water absorption, the diffusion coefficient, and swelling of
the samples [29]. The fiber stacking sequence in hybrid composites should also be observed
since it influences the water absorption of the composites [14,41,42].

When plant fibers are used as a reinforcement in polymer composites, the effects of
water sorption on the composite are even more severe. Plant fibers, which are hydrophilic,
are incompatible with thermoset resins, which are hydrophobic [31,32,43]. Therefore, the
binding force becomes an impressive property to improve the adhesion between the fiber
and the matrix. A decrease in the mechanical properties is expected due to the hygroscopic
nature of these fibers and the poor fiber/matrix interface. Under constant environmental
conditions, moisture content tends to increase with the volumetric fraction of plant fibers
in the composite [32]. Such property losses were observed for polymeric composites
reinforced by plant fibers of different nature, such as sisal [44], bamboo [45], flax [27,46],
wood [47], hemp [33], and jute [48].

With the use of composite materials in various industries, understanding their behavior in
real situations is essential. Therefore, correlating environmental effects such as temperature and
humidity variations is important. However, due to the time and cost required for experimental
studies in the actual conditions of material use, it is common to use different accelerated aging
techniques as a more feasible alternative. The moisture content of fiber-reinforced polymer
matrix composites has been extensively discussed in the literature [36,38,40,49–58]. However,
investigations into the water sorption of hybrid composites reinforced with vegetable and
synthetic fibers, such as the polyester/glass/jute composites, with different fiber stacking
configurations on material properties, are still needed.

This study aims to investigate the effects of water sorption on polyester/fiberglass/jute
fiber composites. The composites were processed using two methods: compression and
Vacuum-Assisted Resin Transfer Molding (VARTM), and the laminates had five fiber
stacking sequences. Water sorption tests were conducted, and it was possible to determine
the water diffusion coefficient for these composites at different temperatures using the
one-dimensional equation of Fick’s second law for a flat plate.

After the tests, it was concluded that the jute fiber composites showed the highest
moisture absorption and estimated diffusion coefficient at saturation point. The fiberglass
composites exhibited the lowest absorption content, while the hybrid composites had an
intermediate absorption rate. Higher water temperatures during the tests increased the
moisture absorption rate for all composites. The hybridization of jute fibers with glass fibers
reduced the amount of water absorbed by the composites compared to jute fiber composites.
It was observed that the highest rate of water absorption by the composites occurred within
the first 50 h of immersion. Regardless of the water sorption test condition, at saturation
point, differences in the results were not observed when comparing the processing methods.
The main influencing factors observed on the absorbed moisture content are the presence
and content of jute fibers in the system and the processing method used in composite
manufacturing. The novelty of this work is based on the following:

• The literature does not address the combinations and analyses used here when compar-
ing hybrid composites reinforced with vegetable and synthetic fibers after immersion
in water at different temperatures with different stacking sequences and manufactured
using two different methodologies.

• This study allows a deeper understanding of the experimental water sorption behavior
of this composite material under various working conditions to be obtained.
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2. Materials and Methods
2.1. Materials

In this work, orthophtalic unsaturated polyester resin 10,316 produced for Reichhold,
from Mogi das Cruzes, Brazil (Table 1), catalyzed with MEKP BUTANOX M-50 supplied by
IBEX Chemical, Recife, Brazil, was used. The reinforcements used were type E glass fiber
fabrics with a gramature of 330 g/m2 as supplied by Redelease ltd, located in Sorocaba,
Brazil, and jute plain weave fabric with a gramature of 330 g/m2, manufactured by Cia.
Têxtil, located in Castanhal, Brazil.

Table 1. Characteristics of resin—Reichhold guideline.

Characteristics Values

Viscosidade Brookfield viscosity at 25 ◦C sp3: 60 rpm (CP) 250–350
Thixotropy index 1.30–2.10

Solid content—Reichhold method (%) 55–63
Density at 25 ◦C (g/cm3) 1.07–1.11

Acidity index (mgKOH/g) 30 maximum
Exothermic Curve at 25 ◦C
- Gel time (min)
- Single interval (min)
- Maximum temperature (◦C)

5–7
8–14

140–180
Post-cure 60 ◦C

2.2. Manufacture of Composites

The composites investigated here were manufactured using two different methods:
compression molding (Figure 1a) and VARTM (Figure 1b).

Figure 1. Manufacture of composite plates: (a) compression molding; (b) VARTM.

Regardless of the manufacturing method, each composite has four layers of glass
fabric (G) and/or jute plain weave fabric (J) as the reinforcement. Hybrid composites
were manufactured with two layers of each type of fabric arranged in different stacking
sequences. The compression-molded composites were manufactured with the following
layer stacking sequence: GGGG; JJJJ; GJGJ; JGGJ; GJJG. The composites manufactured
by VARTM were manufactured with two stacking sequences: GJJG and JGGJ. Therefore,
the effect of the fabrication method (compression or VARTM) can be compared between
GJJG-C and GJJG-R composites, where ‘C’ stands for compression molding and ‘R’ stands
for the VARTM process, and where ‘C’ stands for compression molding and ‘R’ stands for
the VARTM process.
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Compression molding of the plates was carried out in a metallic mold measuring
200 mm × 180 mm. The fabric layers were manually placed in the mold, laminated with
a foam roller, and compressed at room temperature with 9 Ton in a Marconi uniaxial
hydraulic press for 24 h before demolding and post-curing in an air circulation oven at
60 ◦C. VARTM processing was carried out in a rectangular mold with the same dimensions
(200 mm × 180 mm), using a glass base and vacuum bag (Figure 1b), straight flow front,
two entry points, and one exit point for resin with a diameter 1

4 ” and a vacuum pressure
of −0.3 bar.

At the end of the processing, the plates were weighed, and the volumetric fractions of
the fibers could be determined. For this, the theoretical method (Equation (1)) was used [14].

Vf =
wj/ρj + wg/ρg

wj/ρj + wg/ρg + wm/ρm
, (1)

where Vf is the volumetric fraction of the fibers of the laminate; wj, wg, and wm are the
masses of the jute fibers, glass fibers, and matrix, respectively; and ρj, ρg, and ρm are the
densities of the jute fiber, glass fiber, and matrix, respectively.

The compression-molded and VARTM plates were cut on a CNC mill. The specimens
obtained had dimensions of 20 mm × 20 mm for the water sorption tests according to the
ASTM D570—81 Standard [59].

2.3. Water Sorption Test—Experimental

The effects of water sorption by the material were evaluated through the mass variation
as a function of the immersion time of the composites. The samples submitted to the water
sorption test had dimensions of 20 mm × 20 mm, as suggested by the ASTM D570—81
Standard [59]. The samples were sealed at the edges with resin as a way to prevent the
fibers from having direct contact with water and absorbing by capillarity. The samples
were dried in a vacuum oven at 60 ◦C for 4 h to reach a constant weight, ensuring that no
residual moisture was present, before being placed in an aqueous medium. The specimens
were weighed before and after the water absorption test at room temperature, T = 50 ◦C
and T = 70 ◦C for up to 30 days (or until saturation). The water absorption curves for each
type of composite as a function of immersion time were then plotted.

Equation (2) shows how to obtain water absorption as a function of time (Mt).

Mt =
Wt −W0

W0
100(%), (2)

where Wt is the mass of wet samples at time t and W0 is the initial mass of dry samples.

2.4. Water Sorption Test—Theoretical

For the study of theoretical water sorption, a simplified Fickian diffusional model
was used. It was assumed that the samples are flat plates, and the humidity flux is
transient one-dimensional. Water sorption in transient regime is described by Fick’s 2nd law
(Equation (3)) [60].

∂c

∂t
= D

∂2
c

∂x2 , (3)

Making the necessary adjustments and considering that Mt is the total amount of
diffusing substance that entered the plate at time t, and M∞ is the total amount of diffusing
substance after infinite time, we have Equation (4).

Mt

M∞
= 2

(
Dt
l2

)1/2(
π
− 1/2
)

, (4)

In the initial stage of absorption, water absorption in time t (Mt) increases linearly
with

√
t and M∞, which are associated with mass gain when the material approaches the
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saturation point. If we consider that the water absorption behavior follows the Fickian
diffusion pattern, it can be described by Equation (5) [23,26,33,60–64].

Mt

M∞
= 4

√
Dt

πh2 , (5)

where h is the sample thickness. The average diffusion coefficient (D) is determined by the
water absorption capacity (M∞) and the kinetic constant of water absorption (k), obtained
by the slope of the graph Mt versus t1/2, described by Equation (6).

D = π

(
kh

4M∞

)2
, (6)

3. Results and Discussion
3.1. Volumetric Fraction of Fibers

Equation (1) was used to determine the fiber weight fraction and fiber volume fraction
of the composites. The density of the fibers used for the theoretical calculation were
1.5 g/cm3 (jute) and 2.54 g/cm3 (glass). The values obtained for total and relative fiber
weight and volume fractions are shown in Table 2.

Table 2. Total and relative fiber weight and volume fraction of manufactured composites.

Composites Glass Fiber Weight
Fraction (%)

Jute Fiber Weight
Fraction (%)

Total Fiber
Weight Fraction of

Composites (%)

Fiber Volume
Fraction of

Composites (%)

Total Fiber
Volume Fraction

of Jute (%)

GGGG-C 1 59.70 ± 3.27 0 59.70 ± 3.27 39.35 ± 3.21 0
JJJJ-C 0 44.10 ± 2.10 44.10 ± 2.10 36.87 ± 1.97 36.87 ± 1.97

GJGJ-C 15.23 ± 0.43 26.10 ± 0.74 41.33 ± 1.17 30.68 ± 1.02 24.77 ± 0.90
GJJG-C 15.23 ± 1.06 26.11 ± 1.82 41.34 ± 2.89 30.72 ± 2.55 24.81 ± 2.24

GJJG-R 1 17.77 ± 1.77 30.46 ± 3.04 48.23 ± 4.82 36.99 ± 4.48 30.42 ± 4.06
JGGJ-C 15.28 ± 1.16 26.19 ± 2.00 41.47 ± 3.16 30.83 ± 2.76 24.91 ± 2.42
JGGJ-R 18.15 ± 1.18 31.12 ± 2.02 49.28 ± 3.20 37.94 ± 3.00 31.27 ± 2.73

1 C and R indicate the manufacturing method: compression molding (C) and VARTM (R).

Glass fabric composites showed the highest values of fiber volume fraction, with an
average of approximately 39%. The jute fabric composites showed an average value of 36%
of the fiber volumetric fraction. The fiber volume fraction of hybrid composites was lower
for composites manufactured using compression molding (30%) when compared with
composites manufactured using VARTM (37%). These results were expected because the
VARTM provides better compaction of the fibers during manufacturing compared to the
compression molding method due to the use of a vacuum. The applied vacuum together
with the resin flow front during manufacturing promotes more efficient air removal, thus
reducing the void content in the composites.

3.2. Water Sorption: Experimental Analysis

Figure 2 shows the composites samples before and after the water sorption test at
room temperature.

Surface changes were observed in the samples due to water absorption. The samples
showed a change in color with a more “whitish” tone. Swelling of the samples at the end of
the test caused by water absorption was also observed. Similar results were reported by [49].

Water absorption as a function of time was measured according to Equation (2).
Figure 3 shows the water absorption of the composites at room temperature, Figure 4
shows the water absorption at T = 50 ◦C, and Figure 5 shows water absorption at T = 70 ◦C.
The exposure time of the samples for all conditions was 696 h.
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Figure 2. Water sorption test of the composites: (a) before the test; (b) at the end of the test (696 h).

Figure 3. Water absorption at room temperature by the composites as a function of time (696 h).

It is clear that, for all exposure conditions (Figures 3–5), the jute fabric-reinforced com-
posite showed higher water absorption, while the glass fabric composites showed the lowest
water absorption. This result was expected considering the hydrophilic nature of jute.

The polyester samples exposed to water at room temperature exhibited an absorption
of 1.74%, which was the lowest value observed. Despite being composed of two synthetic
materials, the glass fabric composites (polyester/glass fiber) showed higher water absorp-
tion than the polyester samples. This difference in absorption results between the glass
fabric composite and the polyester samples occurred due to the manufacturing process of
the composites. The wetting process of the glass fibers by the resin is not perfect, resulting
in difficulty in filling, mainly for the micropores [65]. This difficulty in resin wetting im-
plies the presence of small voids in the laminate, and these voids are responsible for the
penetration of moisture into the composites.

The hybrid composites exhibited intermediate absorption rates for all studied condi-
tions. The absorption values observed in the hybrid composites (Figures 3–5) are closer to
the values observed in the jute fabric composites. Due to its hydrophilic nature, jute is the
main contributor to the total water absorption in hybrid systems. A slight variation in water
absorption was found due to variations in the fiber stacking sequence and the method of
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manufacturing the hybrid composites (compression molding or VARTM). It should also be
taken into account that the manufactured composites had a higher volumetric fraction of
jute fiber than glass fiber, which corroborates these results.

Figure 4. Water absorption at T = 50 ◦C by the composites as a function of time (696 h).

Figure 5. Water absorption at T = 70 ◦C by the composites as a function of time (696 h).

The hybridization of jute fibers with glass fibers reduced the amount of water absorbed
by the composites compared to jute fiber composites. The results from Figures 3–5 indicate
higher initial absorption in the hybrid composites with jute in the outer layers. Due to the
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hygroscopic nature and higher porosity of jute fibers, water diffuses through the resin and
is absorbed in larger quantities when it comes into contact with these fibers. These results
are consistent with the findings reported by others [9,66,67].

On the other hand, between 250 h and 350 h of immersion at room temperature, it was
observed that the VJJV-C composites began to absorb more moisture among the hybrids
and became the composite with the highest water absorption content. It is possible that
within this time range (250–350 h), water particles reached the interior of the samples, as jute
fibers absorbed more moisture than fiberglass. This behavior was not observed in the VJJV-R
samples, which, although they showed an increase in water absorption, did not reach the same
level as the samples manufactured via compression for the same immersion time. A higher
rate of absorption for the VJJV-R samples occurred between 400 h and 600 h compared to the
other hybrid composites. We can argue that this delay in the comparison between the samples
is due to the fact that moisture has more difficulty penetrating the VARTM-manufactured
samples. In longer immersion times (above 600 h), the small differences in water absorption
between the hybrid composites were no longer evident.

For the conditions of T = 50 ◦C and T = 70 ◦C, the VJJV-C hybrid composites started to
absorb more moisture than the other hybrids. However, this phenomenon was observed
between 150 h and 200 h of immersion. We can consider that this acceleration in water
absorption occurred due to the higher temperatures during the test. This behavior was not
observed in the VJJV-R hybrid composite. Since there was a higher water absorption rate,
after 500 h of testing, differences in absorption between the hybrid composites were not
observed for these test conditions.

In Figures 6–8, it was observed that the highest rate of water absorption by the
composites occurred within the first 50 h of immersion. The JVVJ-C hybrid composites
exhibited values close to those of the jute fiber samples. Regardless of the manufacturing
method, the JVVJ composites absorbed more moisture than the VJJV composites. This
result was expected due to the stacking sequence of these composites, with jute fibers on
the surfaces.

Figure 6. Absorption of water at room temperature by the composites in a time of 50 h.
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Figure 7. Absorption of water at T = 50 ◦C by the composites in a time of 50 h.

Figure 8. Absorption of water at T = 70 ◦C by the composites in a time of 50 h.

The VJVJ-C samples absorbed more moisture than the VJJV-C and VJJV-R samples in
the initial time period. This occurred because the VJVJ-C composite had a jute layer on at
least one side of the composite.

In Figure 7, an unexpected result was observed: the VJVJ-C composite showed a higher
water absorption value than the JVVJ-R composite. Naturally, this result can be attributed
to the different manufacturing methods used. However, other hypotheses were considered
in addition to the manufacturing methods since this reason alone is not sufficient to justify
such a result. The hypothesis is that there were micro-cracks in the matrix, causing an
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increased absorption rate due to moisture penetration through these areas. Water sorption
and temperature act in two ways in composites: Firstly, through the plasticization of the
macromolecular network of the resin, leading to irreversible property losses [23]. Secondly,
through microcracks in the matrix and fiber/matrix debonding caused by matrix swelling
and an increase in the amount of moisture absorption.

When comparing the effect of processing methods on the water sorption of hybrid
composites at room temperature, the results showed equivalence: both the VJJV-C (7.97%)
and VJJV-R (7.88%) composites, and the JVVJ-C (7.95%) and JVVJ-R (7.92%) composites,
showed similar values to each other (Figure 6), even though the VARTM-fabricated com-
posites (~37.50% total fiber content) had a higher total theoretical fiber volume fraction
compared to the compression-fabricated composites (~30.75%) (Table 2). These results can
be explained by the greater compaction in the VARTM laminate due to the application
of vacuum during the resin infusion process. The use of vacuum allows for greater com-
paction of the system and generates a lower void content, reducing moisture absorption
inside the panels. The results for temperatures T = 50 ◦C and T = 70 ◦C were similar to
those observed at room temperature (Figures 7 and 8).

For the observed composite structures, the main influencing factors on the absorbed
moisture content are the presence and content of jute fibers in the system and the processing
method used in composite manufacturing, with the VARTM-fabricated composites showing
similar absorption values for a higher jute fiber content compared to the compression-
fabricated composites.

When comparing the absorption rate of composites at room temperature, T = 50 ◦C
and T = 70 ◦C, an analysis was conducted for different immersion times (Figure 9). It was
observed that regardless of the immersion time, samples immersed at room temperature
showed the lowest water absorption rates, samples immersed at 50 ◦C showed intermediate
rates, and samples immersed at 70 ◦C showed the highest absorption rates. This result was
expected because an increase in temperature promotes an increase in molecular movement,
favoring the penetration of moisture into the material.

It is also important to consider that the temperature of 70 ◦C is close to the glass
transition temperature of the polyester matrix. The exposure of the material over time at
70 ◦C tends to cause surface degradation in the resin. In Figure 9d, it was observed that
after 696 h, the composites reached saturation, showing very similar water absorption
values regardless of the immersion temperature.

3.3. Water Sorption: Theoretical Analysis

The results shown in Table 3 indicate that the fiberglass composites had the lowest
values for the diffusion coefficient (D), jute fiber composites had the highest values, while
hybrid composites showed intermediate values for water sorption at room temperature.
Among the hybrid composites, the JVVJ stacking sequence exhibited the highest diffusion
coefficient values, VJVJ had intermediate values, and VJJV had the lowest values.

Table 3. Water absorption capacity (M∞), kinetic constant (k), and diffusion coefficient (D) for
composites immersed in water at room temperature.

Composites M∞ (%) k (h−1) D, ×10−13 (m2/s)

VVVV-C 3.04 0.00189 0.76
JJJJ-C 11.27 0.00639 13.26

VJVJ-C 7.88 0.00437 7.40
VJJV-C 7.97 0.00373 5.27
VJJV-R 7.88 0.00370 5.56
JVVJ-C 7.95 0.00514 10.54
JVVJ-R 7.92 0.00508 10.37
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Figure 9. Comparison between sorption tests at room temperature, T = 50 ◦C and T = 70 ◦C for
different immersion times: (a) 2 h; (b) 48 h; (c) 190 h; (d) 696 h.

These results for the hybrid composites indicate that the presence of fiberglass on the
surface of the laminates initially delayed the diffusion of moisture into the material. On the
other hand, the hybrid composite with alternating fibers (VJVJ-C) showed an intermediate
diffusion value compared to the other hybrid types due to the presence of jute on only
one surface of the laminate. Glass fiber, with its hydrophobic nature, when placed on the
surface of the composite, acts as a protective barrier against the penetration of moisture
from the interior, thus slowing down water absorption. No significant differences were
observed between the manufacturing methods.

The diffusion coefficient of composites immersed at T = 50 ◦C and T = 70 ◦C
(Tables 4 and 5) showed higher values than composites immersed at room temperature.
The comparison of these values for all composites is shown in Figure 10. These results
are expected because an increase in temperature tends to increase molecular movement,
thereby increasing the rate at which composites absorb moisture. When immersed at
T = 70 ◦C, the composites exhibited a higher diffusion coefficient compared to composites
immersed under different conditions. As previously mentioned, this is due to the fact that
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the temperature of T = 70 ◦C is close to the glass transition temperature of the polyester,
leading to matrix degradation and contributing to greater moisture diffusion within
the material.

Table 4. Water absorption capacity (M∞), kinetic constant (k), and diffusion coefficient (D) for
composites immersed in water at T = 50 ◦C.

Composites M∞ (%) k (h−1) D, ×10−13 (m2/s)

VVVV-C 3.08 0.00284 1.67
JJJJ-C 11.32 0.00756 18.40

VJVJ-C 7.91 0.00699 18.78
VJJV-C 8.10 0.00440 7.10
VJJV-R 7.91 0.00401 6.48
JVVJ-C 8.17 0.00662 16.55
JVVJ-R 8.03 0.00624 15.22

Table 5. Water absorption capacity (M∞), kinetic constant (k), and diffusion coefficient (D) for
composites immersed in water at T = 70 ◦C.

Composites M∞ (%) k (h−1) D, ×10−13 (m2/s)

VVVV-C 3.06 0.00354 2.63
JJJJ-C 11.44 0.01244 48.77

VJVJ-C 7.99 0.0069 17.94
VJJV-C 8.10 0.00600 13.20
VJJV-R 7.95 0.00690 18.99
JVVJ-C 8.08 0.00918 32.54
JVVJ-R 8.06 0.00842 27.51

Figure 10. Comparative analysis of the diffusion coefficient of composites immersed in water at room
temperature, 50 ◦C and 70 ◦C.

Attention should be paid to Equations (3)–(6), which only consider the initial stage of
water absorption. During this stage, water absorption increases linearly, and the kinetic
absorption constant (k) is obtained from the slope of the Mt versus t1/2 graph, which is
used to calculate the diffusion coefficient (D). Although the water absorption of hybrid
composites shows similarities in saturation, differences in the absorption curve behavior
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were observed during the initial hours of exposure due to the stacking sequence of the lam-
inate layers. Regardless of the temperature condition during immersion, composites with
jute fiber on the surface of the laminate exhibited a higher diffusion coefficient compared
to composites with fiberglass on the surface.

4. Conclusions

Water sorption in hybrid polyester/fiberglass/jute fiber composites was analyzed. It
was possible to manufacture the composites using both methods: compression molding
and VARTM.

• The composites showed theoretical fiber volume fraction values ranging from approxi-
mately 30% to 40%, with the VARTM-produced hybrid composites showing higher
values than the compression-molded hybrid composites.

• During the water sorption tests, the composites reached saturation after 696 h. Among
them, the jute fiber composites showed the highest moisture absorption content after
696 h. The fiberglass composites exhibited the lowest absorption content, while
the hybrid composites had an intermediate absorption rate. Using higher water
temperatures during the tests increased the moisture absorption rate for all composites.
The hybridization of jute fibers with glass fibers reduced the amount of water absorbed
by the composites compared to jute fiber composites.

• It was observed that the highest rate of water absorption by the composites occurred
within the first 50 h of immersion. Regardless of the test condition, higher moisture
absorption rates were observed in the hybrid composites with jute layers on at least
one of the surfaces during the initial 50 h.

• At long times, above 600 h, such differences were no longer observed for the compos-
ites immersed at room temperature (500 h for the composites immersed at 50 ◦C and
70 ◦C). Regardless of the water sorption test condition, at the time of 696 h, differences
in the results were not observed when comparing the processing methods, as this is
the time associated with sample saturation.

• When comparing the effect of processing methods on the water sorption of hybrid
composites for all temperatures, the results showed equivalence. VJJV-C and VJJV-R
composites, and the JVVJ-C and JVVJ-R composites, showed similar values to each
other. VARTM-fabricated composites showed similar absorption values for a higher
jute fiber content compared to the compression-fabricated composites.

• The estimation of the diffusion coefficient calculated through Fick’s second law showed
that the jute fiber composites exhibited the highest diffusion coefficient, the fiberglass
composites showed the lowest values, and the hybrid composites presented intermedi-
ate values. The JVVJ composites had a higher diffusion coefficient among hybrids due
to the presence of jute fiber on the surfaces. The VJJV composites had the lowest values
for the diffusion coefficient. Higher values of the diffusion coefficient were observed
at temperatures of 50 ◦C and 70 ◦C when compared to the composites immersed at
room temperature.

• For the observed composite structures, the main influencing factors on the absorbed
moisture content are the presence and content of jute fibers in the system, temperature
increase, and the processing method used in composite manufacturing.
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Abstract: The aim of this work is to analyze the effect of water absorption on the mechanical
properties and damage mechanisms of polyester/glass fiber/jute fiber hybrid composites obtained
using the compression molding and vacuum-assisted resin transfer molding (VARTM) techniques
with different stacking sequences. For this purpose, the mechanical behavior under tensile stress of
the samples was evaluated before and after hygrothermal aging at different temperatures: TA, 50 ◦C,
and 70 ◦C for a period of 696 h. The damage mechanism after the mechanical tests was evaluated
using SEM analysis. The results showed a tendency for the mechanical properties of the composites to
decrease with exposure to an aqueous ambient, regardless of the molding technique used to conform
the composites. It was also observed that the stacking sequence had no significant influence on
the dry composites. However, exposure to the aqueous ambient led to a reduction in mechanical
properties, both for the molding technique and the stacking sequence. Damage such as delamination,
fiber pull-out, fiber/matrix detachment, voids, and matrix removal were observed in the composites
in the SEM analyses.

Keywords: hybrid composites; jute fiber; VARTM; water sorption; hybrid effect; tensile properties;
water absorption; stacking sequence; temperature effect

1. Introduction

Materials undergo degradation due to external influences, leading to changes in
their properties over time. Exposure to aggressive environments or factors such as light,
humidity, and heat tends to alter the mechanical, chemical, and physical properties of
materials [1]. Specifically for composite materials, the change in properties can occur not
only through the degradation of the material components but also through the degradation
of the interface formed by these components, also referred to as the matrix/reinforcement
interface [2].

To assess the degradation of composites under real-service conditions, accelerated or
natural aging tests are conducted, inducing physical and/or chemical degradation. One
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method to comprehend the material’s behavior when exposed to humidity is through water
sorption tests. In these tests, the material is immersed in an aqueous solution, sometimes
with a controlled temperature, to expedite the degradation process.

Water absorption in composites is influenced by various factors, such as the chemical
affinity and type of matrix, temperature, polarity, diffusivity, hydrogen bond formation,
as well as the nature, volumetric fraction, orientation, porosity, and geometry of fibers or
fabrics [3–5]. Another factor that has a significant influence on water absorption in compos-
ites is the voids present in the structure, which tend to increase water absorption. Water
absorption, in turn, tends to compromise the mechanical properties of the material through
complex mechanisms, including partial or total swelling of the matrix, plasticization of the
matrix, material loss, and formation of cracks [6,7].

Matrix swelling can be detrimental to the fiber/matrix interface, promoting the de-
lamination of fibers and matrix and thus reducing the mechanical properties of the mate-
rial [5,8–10]. Similarly, plasticization can decrease the material’s mechanical properties and
alter the glass transition temperature [11]. However, there are reports where plasticization
increases the fracture toughness of the material, delaying crack propagation through the
material [12]. Hygrothermal aging primarily damages the matrix, with this initial damage
triggering other mechanisms such as fiber/matrix debonding and fiber breakage as part of
the deterioration induced by aging [5].

The type of fiber and its composition also affect water absorption, with some fibers
absorbing more moisture than others. There is currently a trend to replace synthetic fibers
with natural fibers as reinforcements in polymer composites to reduce environmental
impact. Similarly, replacing petroleum-based plastic with starch-based film has been an
alternative for producing green composites [13,14].

The effects of water absorption in compounds reinforced by natural fibers are intensi-
fied. This happens mainly due to the poor interface of these fibers with the polymeric matrix
as to hydrophilic characteristics by nature, which means that they have a natural affinity
to absorb water, either by capillarity or because of the percentage of cellulose present in
the fibers. A common problem is that the hydrophilic nature of plant fibers makes them
incompatible with most polymeric resins, which are generally hydrophobic [8,15,16]. This
way, a decrease in mechanical properties and an increase in moisture content is expected
with the volume fraction of the fiber. This behavior is generally associated with the poor
fiber/matrix interface.

It is well-known that vegetable fibers have inferior mechanical properties compared
to synthetic fibers [17–19]. Property losses have been observed in polymeric composites
reinforced by plant fibers such as sisal [20], bamboo [21], flax [5], hemp [22,23], and jute [24].
The development of hybrid composites, where part of the fibers is synthetic and part is
vegetable, is an alternative to overcome this issue [23–27]. Among the vegetable fibers, jute
fibers excel in this application due to their widespread availability in numerous countries,
cost-effectiveness, and possession of favorable mechanical properties [27,28]. However, the
utilization of hybrid composites consisting exclusively of vegetable fibers or a combination
of synthetic and vegetable fibers in high-performance applications should be conducted
with prudence. Despite these factors, the use of vegetable fibers in hybrid composites
can result in materials with suitable properties and be attractive in specific applications
depending on project requirements [29–31].

Fibrous hybrid composites are materials that combine two or more distinct types of
fibers to reinforce a particular matrix. They exhibit intermediate mechanical properties
compared to the same composite reinforced by each fiber individually and offer various
possibilities for fiber arrangements, including interlaminar, intralaminar, and mixed config-
urations [32–36]. Several factors play a role in influencing the properties of these hybrid
composites, such as the mechanical properties and characteristics of the fibers, the length
of the different fiber types, and the quality of the interfacial bonding between the fibers
and the matrix [36].
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Synergistic effects can be observed when the properties of hybrid composites are
higher or lower than expected. The synergistic effect, also known as the hybrid effect, refers
to the impact on the stress–strain response of mechanical loading in hybrid composites
compared to non-hybrid composites [37]. The initial studies on the hybrid effect were
reported between the early 1970s and 1980s [37–42]. It is defined in two different ways:
one is based on the increase in the failure stress of the hybrid composite compared to
non-hybrid fibers of low elongation [31,36], and the other is based on the rule of mixtures,
used as a parameter to evaluate the deviation in mechanical behavior between hybrid
and non-hybrid composites. However, in some cases, certain properties remain constant
regardless of the amount of fibers added to the composite [35].

Although it is widely used, some caution must be exercised regarding the rule of
mixtures. The rule of mixtures is not linear for all properties and, therefore, not suitable
for estimating all mechanical properties. For instance, it is not recommended to use it for
estimating the flexural strength of a composite [36]. The synergistic effect is also reported
for hybrid composites with two or more resin systems or additional constituents, such as
inserts, nanoparticles, and additives [43–45]. Another parameter that directly influences the
mechanical properties of hybrid composites is the fiber stacking sequence. Moreover, there
are situations where a property shows a negative hybrid effect for one characteristic while
displaying a positive hybrid effect for another property [36]. For example, in carbon/glass
hybrid composites, the ultimate stress at break displays a negative hybrid effect due to the
positive hybrid effect on maximum strain [37].

The properties of jute composites can be enhanced by incorporating glass fiber as
outer layers in the laminate, whereas jute should be used on the inside [46]. Several studies
have explored the impact of incorporating glass fibers into composites reinforced with
natural fibers [47–56]. In all cases, the consensus was that the inclusion of glass fibers led
to a notable enhancement in the mechanical properties of these composites. However, a
reduction in mechanical properties was correlated with moisture absorption [51]. Effects
such as matrix cracks, delamination, fractures along the interface, resin particle loss, and
fiber misalignment were observed due to the impact of moisture diffusion in hybrid
composites [22]. When the glass fiber is used in the outer layer, lower water absorption is
observed in comparison to other hybrid laminates with plant fabric on the outer layer [57].

The effect of water moisture on the mechanical performance of fiber-reinforced poly-
mer matrix composites has been extensively studied in the literature [10,12,22,51,57–60].
However, there is still a need for further investigation regarding the sorption effect on the
mechanical behavior of hybrid polyester/glass/jute composites, especially with different
fiber stacking configurations, to fully understand its influence on material properties.

This study aims to assess how water absorption affects the tensile mechanical prop-
erties of composites at various temperatures. We investigate composites manufactured
using different molding techniques and reinforcement stacking sequences. Two molding
methods, compression molding and vacuum-assisted resin transfer molding (VARTM),
were employed, producing laminates with five distinct fiber stacking sequences. Damage
mechanisms were analyzed using SEM.

A previous study [61] conducted experimental and theoretical research on water
absorption in these composites. The findings indicated that hybridization improved me-
chanical properties, with hybrid compounds showing intermediate results between glass
fiber and jute fiber composites.

The novelty of our work lies in its unique approach. The existing literature lacks
discussions on combinations and analyses used in evaluating hybrid compounds reinforced
with plant and synthetic fibers after water immersion at varying temperatures, with diverse
stacking sequences, and manufactured using two different processes. Hence, our study
provides deeper insights into the mechanical behavior and damage mechanisms of dry and
wet composite materials.
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2. Materials and Methods
2.1. Materials

This study utilized orthophthalic unsaturated polyester resin 10316-10 produced for
Reichhold, from Mogi das Cruzes, SP, Brazil (Table 1), catalyzed with MEKP BUTANOX
M-50 supplied by IBEX Químicos e Compósitos Ltd.a., Recife, PE, Brazil. The reinforce-
ments used were type E glass fiber fabrics with a gramature of 330 g/m2, as supplied by
Redelease Ltd., Sorocaba, Brazil, and jute plain weave fabric with a gramature of 330 g/m2,
manufactured by Cia. Têxtil Castanhal from Castanhal, PA, Brazil.

Table 1. Characteristics of resin—Reichhold guideline.

Characteristics Values

Brookfield viscosity at 25 ◦C sp3: 60 rpm (CP) 250–350
Thixotropy index 1.30–2.10

Solid content—Reichhold method (%) 55–63
Density at 25 ◦C (g/cm3) 1.07–1.11

Acidity index (mgKOH/g) 30 maximum
Exothermic curve at 25 ◦C
- Gel time (min)
- Single interval (min)
- Maximum temperature (◦C)

5–7
8–14

140–180
Post-cure 60 ◦C

2.2. Manufacturing of Composites

The composites were manufactured using two different methods: compression mold-
ing (Figure 1a) and VARTM (Figure 1b).
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Figure 1. Manufacturing of composite plates: (a) compression molding; (b) VARTM.

Regardless of the method used for fabrication, each composite is composed of four lay-
ers of reinforcement, utilizing either glass fabric (G) or jute plain weave fabric (J) arranged
in different stacking sequences (Figure 2): GGGG; JJJJ; GJGJ; JGGJ; GJJG. A comparison of
fabrication methods (compression or VARTM) can be illustrated, for instance, by comparing
GJJG-C and GJJG-R, where "C" denotes compression molding, and "R" denotes the VARTM
process.

The laminates were manufactured with dimensions of 200 mm × 180 mm, both
through compression molding and VARTM. In compression molding, the fabric layers
were manually positioned in the metal mold, and lamination was carried out using a foam
roller (Figure 1a). Compression molding was performed using hydraulic press produced
for Marconi Equipamentos para Laboratórios Ltd.a, Piracicaba, Brasil, at room temperature
with 9 Ton/24 h. In VARTM fabrication, the plates were produced in a mold with a glass

146



Polymers 2024, 16, 925

base and vacuum bag (Figure 1b), employing a transverse flow front, two resin entry points,
one exit point with a 1

4 ” diameter, and a vacuum pressure of −0.3 bar. Post-curing of the
compression molding and VARTM laminates was conducted in an air circulation oven at a
temperature of 60 ◦C.
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After fabrication, the plates were weighed, and the theoretical method [14] was em-
ployed to determine the volumetric fractions of the fibers (Equation (1)).

Vf =
wj/ρj + wg/ρg

wj/ρj + wg/ρg + wm/ρm
, (1)

where the Vf is the volumetric fraction of the fibers of the laminate; wj, wg, and wm are
the masses of the jute fibers, glass fibers, and matrix, respectively; and ρj, ρg, and ρm are
the densities of the jute fiber, glass fiber and matrix, respectively. Thus, the percentage of
fiber volume in the hybrid composites manufactured by compression molding was around
31%, while for glass fiber it was 39%, and for jute fiber it was 37%. With VARTM molding
technique, the fiber content was 37%.

The laminates were cut on a CNC mill. The specimens obtained had dimensions of
100 mm × 13 mm × 3.5 mm for the tensile tests, adapting the recommendations of the
ASTM D3039 standard [62].

In a previous work, both experimental and theoretical water sorption tests were
conducted for these composites, determining the required exposure time for them to
reach saturation [61]. These absorption curves served as a foundation for establishing the
immersion duration in water for the tensile samples analyzed in this study.

2.3. Tensile Tests

The tensile tests were carried out in the MTS universal testing machine, model 810
with a 100 KN load cell, following the recommendations of the ASTM D3039 standard [62].
The tests were carried out at room temperature, with a displacement rate of 1 mm/min. In
order to determine the influence of water absorption on the mechanical properties of the
composites, the test was carried out with samples that were immersed in water for 696 h
(saturation time) and dry samples, i.e., those not immersed in water. Water immersion
temperatures were as follows: room temperature, 50 ◦C, and 70 ◦C. Tensile tests were
conducted on samples immersed in water for 696 h at the three specified temperatures, as
well as on samples exposed to 70 ◦C for times that led to an estimated 3% absorption (1.5%
for glass fiber composites). The average results of five samples are reported for each set of
samples manufactured.

2.4. Hybrid Effect Methodology

For the calculation of the hybrid effect, two methodologies were employed: one based
on the rule of mixtures and another using a theoretical value for the strain at break of hybrid
composites [63,64]. In the first methodology, the rule of mixtures was employed to establish
a theoretical value for the stress at break of hybrid composites. Equation (2) is used when
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the volumetric fraction of the composite with higher strength (VfH) is lower than the critical
volumetric fraction (Vfcrit) [63]. Equation (3) is applied when the volumetric fraction of
the composite with higher strength (VfH) is greater than the critical volumetric fraction
(Vfcrit) [63]. The critical volumetric fraction is a theoretical value obtained by equating
Equations (2) and (3).

σhtheoretical =
(

1 − Vf m

)(
σHVf LE + εLEEHVf H

)
; Vf H ≤ Vf crit, (2)

σhtheoretical =
(

1 − Vf m

)(
σHVf H

)
; Vf H ≥ Vf crit, (3)

where Vfm is the volume fraction of the matrix, VfLE is the relative volume fraction of fibers
with lower strength, and EH is the elastic modulus of the composite with higher strength.
The calculation of the hybridization effect for stress is determined by taking the difference
between the experimental stress value and the theoretical value (Equation (4)).

λstress = σhybrid − σtheoretical , (4)

The hybrid effect can also be calculated from the theoretical value for the strain at
break of hybrid composites (Equation (5)), and similar to stress, the calculation of the
hybridization effect for strain is also performed by taking the difference between the exper-
imental values for strain in hybrid composites and the theoretical value (Equation (6)) [63].

εhtheoretical = εLEVf LE + εHVf H , (5)

λstrain = εhybrid − εhtheoretical , (6)

2.5. Scanning Eletron Microscope (SEM)

The fracture surfaces of tensile test samples were used to investigate sample morphol-
ogy and to verify the damage mechanisms in the fracture region. The equipment used was
a scanning electron microscope (SEM) Vega 3 microscope produced for Tescan, from Brno,
Czech Republic. The fractured portions of the samples were cut and gold-coated uniformly
over the surface for examination. The accelerating voltage used in this work was 20 kV.
Only one sample each composition was tested.

3. Results and Discussion
3.1. Volumetric Fraction of Fibers

Table 2 presents the total and relative values of the weight and volumetric fractions of
the fiber composites. For the theoretical calculation and results, fiber densities of 1.5 g/cm3

(jute) and 2.54 g/cm3 (glass) were utilized, as shown in Equation (1).

Table 2. Total and relative fiber weight and volume fraction of manufactured composites.

Composites Glass Fiber Weight
Fraction (%)

Jute Fiber Weight
Fraction (%)

Total Fiber
Weight Fraction of

Composites (%)

Fiber Volume
Fraction of

Composites (%)

Total Fiber
Volume Fraction

of Jute (%)

GGGG-C 1 59.70 ± 3.27 0 59.70 ± 3.27 39.35 ± 3.21 0
JJJJ-C 0 44.10 ± 2.10 44.10 ± 2.10 36.87 ± 1.97 36.87 ± 1.97

GJGJ-C 15.23 ± 0.43 26.10 ± 0.74 41.33 ± 1.17 30.68 ± 1.02 24.77 ± 0.90
GJJG-C 15.23 ± 1.06 26.11 ± 1.82 41.34 ± 2.89 30.72 ± 2.55 24.81 ± 2.24

GJJG-R 1 17.77 ± 1.77 30.46 ± 3.04 48.23 ± 4.82 36.99 ± 4.48 30.42 ± 4.06
JGGJ-C 15.28 ± 1.16 26.19 ± 2.00 41.47 ± 3.16 30.83 ± 2.76 24.91 ± 2.42
JGGJ-R 18.15 ± 1.18 31.12 ± 2.02 49.28 ± 3.20 37.94 ± 3.00 31.27 ± 2.73

1 C and R indicate the manufacturing method: compression molding (C) and VARTM (R).
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The volume fraction of fibers in the composites ranged from approximately 31% to
39%, with the hybrid composites manufactured by compression molding showing the
lowest values. Hybrid composites fabricated using VARTM had an average volumetric
fiber fraction of 37%. The difference in results between the manufacturing methods was
anticipated, as VARTM promotes better fiber compaction during composite fabrication due
to the use of a vacuum, in contrast to compression molding. The use of a vacuum, along
with the resin flow front during the manufacturing process, enhances the effective removal
of air, consequently decreasing the void content in the composites.

3.2. Tensile Tests Results

Figure 3 and Tables 3 and 4 display the tensile test results of the samples for all
analyzed conditions.
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Figure 3. Mechanical properties of the composites under dry conditions and subjected to water
sorption at different temperature conditions: (a) Stress at break; (b) Elastic modulus.

Table 3. Fracture stress of composites for all conditions.

Fracture Stress (MPa)

Composites Dry Room 50 ◦C 70 ◦C 70 ◦C–3%

GGGG-C 488.22 ± 82.21 249.29 ± 32.28 219.01 ± 22.36 191.78 ± 34.61 254.60 ± 19.43
JJJJ-C 30.36 ± 1.87 21.89 ± 3.67 20.65 ± 3.28 20.53 ± 2.74 23.83 ± 1.66

GJJG-C 61.39 ± 0.88 51.61 ± 6.46 50.78 ± 6.29 44.38 ± 7.44 61.23 ± 1.21
GJJG-R 70.72 ± 0.53 56.54 ± 2.67 54.25 ± 4.80 50.41 ± 6.20 60.92 ± 3.44
JGGJ-C 70.72 ± 2.04 62.23 ± 8.47 61.14 ± 0.72 60.70 ± 0.18 65.97 ± 3.39
JGGJ-R 71.09 ± 5.73 55.34 ± 2.64 54.15 ± 4.84 50.49 ± 4.92 66.87 ± 5.23
GJGJ-C 78.69 ± 8.76 62.90 ± 6.67 52.43 ± 4.37 47.38 ± 4.26 64.20 ± 6.03

Figure 3 shows that the stress and elastic modulus results of the composites meet the
expected outcomes for all analyzed conditions: dry samples, water immersion at room
temperature, 50 ◦C, 70 ◦C for 696 h, and 70 ◦C with 3% absorption. The fiberglass com-
posites exhibited the highest mechanical strength values, jute fiber composites displayed
the lowest values, and the hybrid composites demonstrated intermediate values between
fiberglass and jute fiber composites.
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Table 4. Elastic modulus of composites for all conditions.

Elastic Modulus (GPa)

Composites Dry Room 50 ◦C 70 ◦C 70 ◦C–3%

GGGG-C 10.38 ± 2.18 6.59 ± 1.08 6.53 ± 0.68 6.39 ± 1.03 7.33 ± 0.38
JJJJ-C 0.95 ± 0.26 0.76 ± 0.05 0.76 ± 0.15 0.70 ± 0.20 0.94 ± 0.05

GJJG-C 1.73 ± 0.08 1.49 ± 0.21 1.48 ± 0.12 1.42 ± 0.09 1.53 ± 0.30
GJJG-R 2.21 ± 0.25 1.58 ± 0.30 1.58 ± 0.09 1.47 ± 0.20 1.80 ± 0.14
JGGJ-C 2.14 ± 0.07 1.99 ± 0.03 1.71 ± 0.10 1.45 ± 0.01 2.03 ± 0.26
JGGJ-R 1.75 ± 0.16 1.35 ± 0.17 1.28 ± 0.21 1.21 ± 0.09 1.70 ± 0.30
GJGJ-C 2.22 ± 0.21 2.05 ± 0.18 1.86 ± 0.25 1.61 ± 0.05 2.06 ± 0.15

It was further noted that, despite different stacking sequences, the hybrid composites
showed similar results for stress and modulus under all conditions and that the mechanical
behavior of the hybrid composites was closer to that of jute fiber composites than fiberglass
composites for all conditions. This was attributed to the higher volumetric fraction of
jute fiber compared to fiberglass in the hybrid composites. The addition of glass fibers to
jute fiber composites resulted in higher stress and modulus values, but the increase was
marginal compared to fiberglass composites. The properties of hybrid composites depend
on the relative volumetric fraction of each reinforcement, meaning that a higher relative
volumetric fraction of a particular fiber will make the hybrid composite properties closer to
those reinforced exclusively by that type of fiber [29,31].

Analyzing Table 2, it was found that the volumetric fraction of jute fibers was sig-
nificantly higher than that of glass fibers in all hybrid composites. It is important to
consider that the low adhesion between jute and glass fibers and the matrix created a
low-quality interface, contributing to the low stress and modulus values exhibited by the
hybrid composites. When moisture interacts with the fiber, it primarily penetrates through
the cross-sectional area. This interaction between the hydrophilic fiber and the hydrophobic
matrix causes the fiber to swell within the matrix. As a result, the bonding at the interface
weakens, leading to dimensional instability, matrix cracking, and reduced mechanical
properties of the composites [16].

Few differences were observed considering the manufacturing method, regardless
of the test conditions (values were very close due to the identical composition of the
composites; variables such as the stacking sequence and manufacturing method did not
have a significant impact on the final results).

For the hybrid composites, statistical tests found no evidence to reject the null hy-
pothesis, meaning that all hybrid composites showed equivalent results. This suggests
that, although there are differences in water absorption at low rates for different stacking
sequences [61], these differences do not reflect in mechanical behavior at saturation. Addi-
tionally, a reduction in stress at break values was observed for all composites exposed to
moisture compared to dry composites. The more severe the conditions the composites were
subjected to, the lower the observed stresses at break, indicating that the combination of
moisture and temperature was highly detrimental to the materials. The higher the exposure
temperature, the lower the observed stress at break, making it a determining factor in the
mechanical behavior of composites, with 70 ◦C being the most severe condition adopted.

The choice of a fixed value for the amount of absorbed moisture by the samples was
made to assess the effect of sorption on the mechanical properties of the composites, with
equal water absorption for all samples over a different immersion time than the saturation
time. The most severe condition (70 ◦C) was chosen, and the selection of the approximately
3% absorption value for the samples was based on the analysis of sorption graphs [61]. For
fiberglass composites, tests were conducted with an absorption value of approximately
1.5%, as these composites reached saturation with about 3% water absorption.

For the maximum absorption condition of 3%, a considerable reduction in tensile
strength was observed compared to the results of tests on dry composites, even for a shorter
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exposure period, highlighting the detrimental effect of moisture on the properties of this
type of composite.

Dry composites exhibited better mechanical properties, followed by composites im-
mersed at 70 ◦C with 3% absorption. This was followed by composites immersed in water
for 696 h at room temperature, 50 ◦C, and 70 ◦C, respectively. These results were expected
because higher moisture sorption leads to lower mechanical properties. The sorption
kinetics increase with temperature, but the sorption level reached by the composites at
the saturation time is similar for different conditions. Thus, after a certain time, compos-
ites immersed in water at room temperature will reach sorption values similar to those
immersed at higher temperatures. Therefore, the higher the controlled temperature during
immersion, the more rapidly the material will reach equilibrium sorption.

Fiberglass composites showed a trend of reduced properties with increasing tempera-
ture during water sorption tests until saturation. Only the fiberglass composite immersed
at 70 ◦C with 1.5% absorption showed no variation in properties, considering standard
deviations. Jute fiber composites maintained the trend of mechanical property loss with
water sorption for all conditions. This behavior can be attributed to the degradation of
the polyester matrix when subjected to water immersion. Thus, it was possible to observe
that, except for these specific conditions, the temperature factor did not show significant
variation in material stress.

Through the fiber stacking sequence, it was observed that there was a tendency for an
increase in mechanical properties when fiberglass fibers were positioned in the center of
the composite. Placing fiberglass fibers in the center of the composite improved the quality
of the interface between the resin and these fibers. The same behavior was observed for the
modulus values of all materials.

Few differences were observed between composites immersed in water for 696 h
because, at this immersion time, the composites had already reached equilibrium sorption
for all immersion temperatures. Larger differences were observed between dry composites
compared to the results of tests under other conditions, highlighting the effect of moisture
on mechanical properties.

Considering all the studied conditions, it was possible to conclude that, although
some differences between the types of hybrid composites were observed under certain
conditions, overall, the various fiber arrangements in the composites had little influence on
their mechanical properties.

3.3. Hybrid Effect

When the strength values are higher than the theoretical values, this indicates that the
composite in question exhibited a positive hybrid effect, just as strength values lower than
the theoretical values signify a negative hybrid effect. The hybrid effect of the composites
is depicted in Figures 4–8 for the dry (Figure 4), as well as room-temperature (Figure 5),
50 ◦C (Figure 6), 70 ◦C (Figure 7), and 70 ◦C–3% (Figure 8) conditions.

In Figure 4a, a positive hybridization effect for stress at break was observed for all
composites, where the composite GJJG-C showed the lowest value (+17.36%), and the
composite GJGJ-C exhibited the highest value (+50.43%). The other composites presented
intermediate values: GJJG-R (+35.19%), JGGJ-C (+35.19%), and JGGJ-R (+35.90%). In
Figure 3b, the hybridization effect for strain at break is negative for the composites GJJG-R
(−6.51%) and JGGJ-C (−14.96%), both showing values below the expected value for these
composites. The composites GJJG-C (+6.53%) and JGGJ-R (+22.24%) showed a positive
hybridization effect for strain at break, while the strain at break of the composite GJGJ-C
was equivalent to the theoretical deformation, showing neither a positive nor negative
hybridization effect.
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Figure 8. Hybrid effect of wet composites at 70 ◦C with 3% water absorption: (a) stress at break;
(b) strain at break.

The variation in the hybridization effect in Figure 3b may be associated with the pro-
cessing of the JGGJ composites, as the JGGJ-C composite exhibited a negative hybridization
effect, while the JGGJ-R composite showed a positive hybridization effect. One consid-
eration is that when fibers with lower strength have a higher volumetric fraction than
fibers with higher strength, hybrid composites fail when the tensile strain reaches a value
close to the failure strain of composites reinforced with the lower-strength fiber [63] (in
our case, jute). However, if the higher-strength fiber has a greater volumetric fraction, the
lower-strength fibers fail at the beginning, but the hybrid composites still maintain their
integrity until the failure of the higher-strength fibers due to their greater failure strain.

Upon analyzing Figures 5a, 6a, 7a and 8a, it is evident that all composites exhibit a
positive hybrid effect for stress during exposure to room temperature, 50 ◦C, and 70 ◦C
for 696 h, as well as 70 ◦C–3%. The values for the hybridization effect observed for
stress were considerably higher than those observed in dry composites. The reason for
this difference in values occurred due to the presence of moisture and/or temperature,
causing a significant reduction in the stress of the fiberglass composites compared to
the dry composites, which were used as a reference to calculate the theoretical value.
Equation (6) used for calculating the theoretical stress takes into account the stress value of
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the composite with higher strength (fiberglass composite). In Figure 3, it can be observed
that fiberglass composites exhibited much lower average stress when subjected to water
sorption/temperature, directly affecting the values obtained for the hybridization effect
studied here.

As for strain (Figures 5b, 6b, 7b and 8b), the hybridization effect presented results that
were similar to dry composites, although a slight increase in values was observed for all
degradation conditions. An increase in the value of the hybridization effect was expected
since Equation (5) uses the strain values of fiberglass composites and jute fiber composites
to determine the theoretical strain of hybrid composites through the rule of mixtures. As
there was a decrease in the strain values of fiberglass composites and jute fiber composites
exposed to moisture compared to dry composites, these increases in the hybridization effect
are justified. An increase in the strain of composites exposed to moisture is also expected
due to the plasticization of the matrix caused by water absorption.

3.4. Damage Mechanism of Dry and Wet Composites

SEM images of the fracture surface of the composites were obtained for both dry and
water-immersed samples at 70 ◦C for the hybrid composites. Figure 9 displays the SEM
images of the fracture surface of the dry composites.
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Figure 9 reveals various failure mechanisms in the composites subjected to tensile
testing. Fiber breakage, matrix fracture, fiber debonding, and fiber pull-out can be observed
after the tensile test in all composites. It was also possible to clearly identify the different
fibers and the matrix in the composites, and even after fracture, the glass fibers showed a
certain regularity of arrangement, unlike the jute fibers, which appeared more irregular
(Figure 9b,c). The difference in fiber arrangement within the composite has a direct influence
on their mechanical behavior [65].

In Figure 9a–c, it is possible to identify voids in the composites, as well as fractures
of both longitudinal glass and jute fibers along the length of the specimens. These voids
were caused by fiber pull-out during tensile tests and were observed in all hybrid com-
posites. In Figure 9b, complete removal of jute fiber bundles can be seen. In Figure 9a,d,
debonding between jute fibers and the polymeric matrix is also observed, along with poor
wetting of the fibers by the resin, resulting in a low-quality interface due to little or no
adhesion between the phases. Fiber pull-out and debonding between the fibers and the
matrix are the main factors responsible for the reduction in tensile and elastic modulus
values [2,25,51,52,66]. One of the functions of a composite matrix is to transfer the load
to the fibers through interfacial shear stress, so the fracture behavior also depends on the
interfacial strength [25].

In Figure 9d, micro-cracks in the form of streaks that formed in the polymeric matrix
can also be observed. One of the main failure mechanisms observed in hybrid composites
was caused by the propagation of micro-cracks in the matrix [5]. The cracks propagate
easily through the matrix, indicating that little resistance is offered, as evidenced by the
poor interfacial bonding observed from the fracture [65]. In hybrid composites, when the
load is applied, cracks in the matrix occur before the final failure [67].

Figure 10 shows that, in addition to the jute fibers, the glass fibers also exhibited poor
adhesion with the matrix, where it was possible to identify the glass fibers, jute fibers, and
the matrix phase. Voids caused by the pull-out of glass fibers at that location were observed.
In Figure 10a, a highlighted region is magnified, as illustrated in Figure 10b, where it is
evident that even the interface between the glass fibers and the resin shows low quality,
with regions where the fibers were pulled out arranged in the longitudinal direction of the
sample, and poor wetting of the glass fibers by the resin also observed.
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Figure 11 illustrates SEM images of the fracture surface of the composites subjected to
water sorption at 70 ◦C. It can be observed that the issues in the dry composites related to
fiber pull-out, voids, fiber fracture, and low adhesion between fibers and the matrix were
also observed in these composites. In addition to the aforementioned problems, removal
and fragmentation of the matrix were also observed due to its degradation caused by
moisture (Figure 11a–c). Matrix degradation on the fracture surface was also observed
(Figure 11d).
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Figure 11. SEM images of wet hybrid composites with different stacking sequences at 70 ◦C:
(a) composite JGGJ-R; (b) JGGJ-C; (c) GJJG-C; (d) GJJG-R.

In Figure 11c, the degradation of jute fibers can be further observed, as if they had
“unraveled”, generating a tangle of jute fibers with glass fibers and fragmented matrix
particles. Based on this observation, Figure 12 was generated, showing a microscopy image
of each hybrid composite sample that was exposed to moisture to assess whether this result
was repeated for all composites.
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sequences at 70 ◦C: (a) GJJG-C; (b) GJJG-R; (c) JGGJ-C; (d) JGGJ-R; (e) GJGJ-C.
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The analysis of Figure 12 shows that this result was repeated for all types of composites
analyzed, regardless of the manufacturing method or arrangement of jute fibers. This phe-
nomenon can also be referred to as a microfibril explosion due to the action of moisture [5].
Hygrothermal aging, specifically at higher temperatures, does not induce other damage
mechanisms to the composite; it merely accelerates degradation due to plasticization and
reorientation of microfibrils in jute fibers [5]. Since the loss of mass in jute fibers only occurs
at temperatures around 150 ◦C, we can currently consider that the microfibril explosion was
caused by excess moisture absorbed by the jute fibers and not by an effect of temperature.
In future work, it would be interesting to verify whether the same behavior of jute fibers
occurs in samples subjected to other conditions studied in this work or only at 70 ◦C.

Observations in Figures 11 and 12 allow us to conclude that degradation, removal,
and fragmentation of the matrix, as well as microfibrillation in jute fibers, were the main
mechanisms (observed in SEM) responsible for the lower mechanical performance of
composites subjected to water sorption at 70 ◦C compared to dry composites. This is
because failure mechanisms such as fiber pull-out, voids, fiber fracture, and low adhesion
between fibers and the matrix were observed in composites in both conditions. Although
composite swelling due to moisture absorption is considered a factor of the reduction in
mechanical properties due to interfacial degradation of phases, this was not observed in
scanning electron microscopy.

4. Conclusions

This study investigated the effect of water absorption on the mechanical behavior and
damage mechanisms in hybrid polyester/glass fiber/jute fiber composites with various
stacking sequences. It was found that the addition of glass fiber enhanced the mechanical
properties of jute fiber composites. Glass fiber composites consistently exhibited the highest
mechanical properties, while jute fiber composites demonstrated the lowest mechanical
properties, with hybrid composites falling between these extremes. Interestingly, hybrid
composites displayed behavior more closely resembling that of jute fiber composites rather
than glass fiber composites. Overall, the different fiber arrangements showed minimal
influence on mechanical properties across the various conditions studied.

Furthermore, this study observed few disparities in mechanical properties between
composites fabricated via compression molding and VARTM methods. Dry composites
performed the best, followed by those aged at 70 ◦C with approximately 3% water absorp-
tion. Subsequently, composites immersed in water at room temperature for 696 h, in water
at 50 ◦C for 696 h, and in water at 70 ◦C for 696 h showed progressively poorer mechanical
properties. These results were expected and were attributed to the varying degrees of water
absorption by the systems.

Moreover, positive hybridization effects on stress were noted across all conditions
examined. However, certain composites exhibited negative effects on deformation under
specific conditions. SEM images of fractured samples revealed a weak interface between
the matrix and fibers, showcasing different fiber and matrix phases, fiber pull-out, voids,
matrix cracks, moisture-induced matrix removal, and poor adhesion between fibers and the
matrix. These findings offer valuable insights into the mechanical behavior and structural
integrity of composite materials under different environmental conditions.
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Abstract: The development of capsules with additives that can be added to polymers during extrusion
processing can lead to advances in the manufacturing of textile fabrics with improved and durable
properties. In this work, caffeine (CAF), which has anti-cellulite properties, has been encapsulated by
liquid-assisted milling in zirconium-based metal–organic frameworks (MOFs) with different textural
properties and chemical functionalization: commercial UiO-66, UiO-66 synthesized without solvents,
and UiO-66-NH2 synthesized in ethanol. The CAF@MOF capsules obtained through the grinding
procedure have been added during the extrusion process to recycled polyamide 6 (PA6) and to a
biopolymer based on polylactic acid (PLA) to obtain a load of approximately 2.5 wt% of caffeine.
The materials have been characterized by various techniques (XRD, NMR, TGA, FTIR, nitrogen
sorption, UV–vis, SEM, and TEM) that confirm the caffeine encapsulation, the preservation of caffeine
during the extrusion process, and the good contact between the polymer and the MOF. Studies of the
capsules and PA6 polymer+capsules composites have shown that release is slower when caffeine is
encapsulated than when it is free, and the textural properties of UiO-66 influence the release more
prominently than the NH2 group. However, an interaction is established between the biopolymer
PLA and caffeine that delays the release of the additive.

Keywords: metal organic framework; UiO-66; UiO-66-NH2; caffeine; microencapsulation; textile
composite; polyamide; polylactic

1. Introduction

In recent years, there has been a surge in industry interest in using microencapsula-
tion processes to develop innovative materials. Microencapsulation has various benefits
and advantages since active substances, such as vitamins, scents, essential oils, biocides,
and drugs, may be encapsulated to preserve them from environmental factors, increase
their temperature resistance, control the release rate of the additive encapsulated, or make
liquids compatible with solids [1–4]. In the textile sector, microencapsulation offers many
opportunities to improve the properties of textiles and provide new functionalities. Ex-
amples of functional textiles incorporating capsules include color-changing textiles [5],
insect-repellent textiles [6], textiles for thermal control [7], antimicrobial [8,9] and med-
ical textiles [10], and cosmetotextiles [11–13], among others. A wide range of methods
and procedures have been developed to create capsules with desired materials and target
properties: chemical methods (interfacial polymerization, in situ polymerization), physico-
chemical methods (complex coacervation, molecular inclusion), and physical procedures
(spray drying, solvent evaporation) [14]. The capsules obtained through these procedures
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usually consist of a polymeric layer that covers the additive. An alternative to these cap-
sules is to encapsulate additives in porous materials, both inorganic (e.g., zeolites [15])
and organic–inorganic materials (e.g., MOF [16]). The former allow processing at high
temperatures while the latter preserve this property and are more compatible with textiles
due to their organic–inorganic nature.

Metal–organic frameworks (MOFs) are porous crystalline hybrid materials made by
linking a metal ion or cluster with organic linkers creating crystal lattices. These materials
have several characteristics and properties that are of interest in many fields. They exhibit
high porosity, high specific surface areas, excellent chemical and thermal stability, and
the possibility of varying the pore size, shape, or chemical functionality by modifying
the metal cluster and the nature of the linker. This makes them attractive for numerous
applications, such as encapsulation [16], the development of selective membranes for
molecular separation [17,18], adsorption and storage of gases [19], catalysis [20,21], and in
biomedicine [22]. Among various MOF designs, those featuring zirconium-based structures
incorporating [Zr6O4(OH)4]12+ cluster nodes and carboxylate linkers are highly appealing
due to their outstanding chemical and thermal stability. In particular, UiO-66 stands out in
this category. Comprising hexanuclear oxozirconium clusters and organic terephthalate
ligands, it adopts a face-centered cubic (fcu) topology with a hydrophilic surface. Since
its discovery in 2008, UiO-66 has become one of the most widely utilized MOFs [23]. Its
popularity is attributed to its distinctive properties, such as ease of functionalization and
tunability arising from its isoreticular structure [24]. This structural flexibility enables the
creation of similar materials with the same UiO-66 topology by modifying either the metal
cluster or the ligand. Consequently, a diverse range of materials with varying functionalities
and pore sizes can be obtained. Notable among these isoreticular structures is the UiO-66-R,
where R represents the functional group. Depending on the ligand used, the synthesized
MOF can be denoted as UiO-66-NH2, UiO-66-NO2, or UiO-66-Br, among others. The pore
aperture size of UiO-66 is theoretically estimated to be around 6.0 Å [23]. The remarkable
thermal stability of UiO-66 is explained by the robust Zr-O bonds and the ability of the
inner Zr6 cluster to undergo reversible rearrangement following the dihydroxylation or
rehydration of the µ3-OH groups [25].

However, the preparation process of these materials mostly involves organic solvents,
such as N,N-dimethylformamide (DMF) or N,N-dimethylacetamide (DMAC), which are
highly toxic and hazardous to the environment and human health. Therefore, it is necessary
to develop greener synthesis methods [26] in order to eliminate solvents entirely from the
synthetic route or replace harsh organic solvents with water or less harmful solvents to
reduce environmental costs. Some researchers have reported a green scalable modulated
hydrothermal synthesis of UiO-66 in quite mild conditions using acetic acid as a modula-
tor [27,28]. Other researchers have developed mechanochemical and solvent-free synthesis
methods for UiO-66 and UiO-66-NH2 [29]. Mechanochemistry minimizes the use of organic
solvents. This technique includes a process known as liquid-assisted grinding (LAG), in
which a small amount of liquid is added [30,31].

Caffeine, known as 1,3,7-trimethylxanthine, is a versatile drug with amphiphilic prop-
erties that has gained significant attention in the cosmetic industry due to its anti-cellulite
properties. There are studies in the literature in which caffeine is encapsulated in the
MOFs [16,32–34] by immersing the previously synthesized MOF in a caffeine solution,
which entails a subsequent step of filtration and drying. To improve this process, various
advances have been made to limit the steps, such as performing the in situ synthesis
of the MOF with caffeine [35,36] or performing pressure encapsulation with the already
synthesized MOF [37]. Additionally, a solid-state mechanochemical strategy for additive
encapsulation in MOF nanoparticles via a ball milling method has been reported [38]. The
encapsulation occurs using a liquid-assisted grinding (LAG) method. This is an environ-
mentally friendly process compared to the classic liquid phase encapsulation processes,
since the use of solvent is minimized and the additive is fully used, reducing waste.
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The incorporation of caffeine into polymer composites has been studied in diverse
fields. Labay et al. analyzed the effect on caffeine release in plasma-treated polyamide (PA)
samples [39,40] that had been impregnated with a caffeine solution. Sta et al. obtained caffeine-
loaded poly(N-vinylcaprolactam-co-acrylic acid) composites by electrospinning which were
evaluated as drug delivery systems [41]. Li et al. manufactured polyvinyl-alcohol (PVA)
nanocomposites incorporating caffeine and riboflavin in the preparation by electrospinning
for evaluating a fast-dissolving delivery system [42]. Similar to this study, caffeine and
paracetamol were mixed with a polyvinylpyrrolidone (PVP) solution and nanocomposites
were prepared by electrospinning [43]. Li et al. investigated the effects of caffeine on the
degradation of the PLA matrix in caffeine delivery systems [44]. For cosmetic purposes,
Tipduangta et al. developed cellulose acetate/PVP composites for caffeine delivery [45].
Recently, caffeine has been encapsulated in porous materials (Zeolite Y, ZIF-8, and MIL-53)
and introduced during the spinning of polyamide 6 fibers for textile applications [16].

In the present work, caffeine-loaded UiO-66 capsules were developed using a ball
mill-encapsulation method which minimizes the use of water and reduces waste. For this
encapsulation process, two materials with different textural properties were compared:
commercial UiO-66 and one synthesized by a solvent-free method. In addition, UiO-66
capsules were compared with the functionalized form, UiO-66-NH2, which was synthesized
by a solvothermal synthesis in ethanol, avoiding the use of harmful solvents, such as
DMF. Furthermore, the present study examined the use of more environmentally friendly
processes and polymers by using recycled polyamide 6 (PA6) and polylactic acid (PLA),
which is a biodegradable polymer used as an alternative to petroleum [46]. Then, the
developed capsules were incorporated into PA6 and PLA composites during the extrusion
process (see Figure 1). Therefore, the capsules remained embedded inside the composites
improving caffeine durability and resistance, and consequently, the useful life of the
final product. Traditionally, the addition of capsules to polymers for textile use has been
performed in the last step and only superficially [47], so their durability is quite limited.
The high temperatures used in the extrusion process must be taken into account, and
UiO-66 capsules are suitable for resisting these temperatures.
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Figure 1. Photographs of the prepared polymer composites: (a) PA6 + CAF@UiO-66c, (b) PA6
+ CAF@UiO-66s, (c) PA6 + UiO-66-NH2, (d) PA6 + caffeine, (e) PLA + CAF@UiO-66c, (f) PLA +
CAF@UiO-66s, (g) PLA + CAF@UiO-66-NH2, (h) PLA + caffeine.
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2. Materials and Methods
2.1. Materials

Commercial UiO-66 (Strem Chemicals Inc., Newburyport, MA, USA) was purchased
from CymitQuimica (Barcelona, Spain) and activated in an oven at 300 ◦C for 2 h. Zirconium
(IV) oxychloride octahydrate (ZrOCl2·8H2O, Glentham Life Sciences, Corsham, UK, 98%)
and tetraethylammonium bromide (TEABr, TCI chemicals, Tokyo, Japan, >98%) were also
supplied by CymitQuimica. 1,4-benzenedicarboxylic acid (BDC, Aldrich, San Luis, MO,
USA, 98%) and caffeine (1,3,7-trimethylxanthine, ReagentPlus, Aldrich) were purchased
from Sigma-Aldrich (San Luis, MO, USA). Zirconium (IV) chloride (ZrCl4, Alfa Aesar,
Haverhill, MA, USA, +99.5%), 2-aminoterephthalic acid (NH2-BDC, ThermoScientific,
Waltham, MA, USA, 99%), and formic acid (HCOOH, FisherScientific, Waltham, MA, USA,
90%) were purchased from ThermoFisher Scientific (Waltham, MA, USA). As solvents,
absolute ethanol (EtOH, 99.5%) and deionized water were provided by Productos Gilca
S.C. (Zaragoza, Spain). Recycled Polyamide 6 (Recomyde® B30 P4) and Biopolymer PLA
based (Inzea® F19) were provided by NUREL S.A. (Zaragoza, Spain).

2.2. MOFs Synthesis

An efficient solvent-free method was used for the UiO-66 preparation following
a procedure described in the literature, with slight modifications [48]. The synthetic
procedure was as follows: A mixture of BDC (1 mmol), ZrOCl2·8H2O (1 mmol), and TEABr
(1.42 mmol) was ground in a mortar for around 10 min until the mixture was homogeneous.
It was then transferred to an autoclave and left at 190 ◦C for 24 h. After this time, the
autoclave was left to cool down and the resultant solid was washed with warm EtOH
(three or four times). Next, the solid was dried in an oven at 80 ◦C overnight. Finally, for
MOF activation it was placed in a vacuum oven at 200 ◦C for 12 h. This method is easily
scalable due to the absence of solvent, so, maintaining the proportions, several grams can
be produced. This MOF is labeled UiO-66s to differentiate it from the commercial MOF
labeled UiO-66c.

The UiO-66-NH2 synthesis was carried out using a solvothermal method [49]. In this
synthesis, the Zr metal was provided by ZrCl4 and the ligand in the amino-functionalized
form (NH2-BDC). The procedure consisted of dissolving ZrCl4 (2 mmol) and NH2-BDC
(1 mmol) in 20 mL of ethanol. Next, 25 mL of 30 wt% formic acid in water was added as
an acid modulator. The mixed solution was placed in an ultrasound system for 10 min.
Then, the solution was transferred to an autoclave and placed in an oven at 110 ◦C for 12 h.
The solid was washed three to five times with absolute ethanol and water. Finally, the
UiO-66-NH2 sample was activated in a vacuum oven at 200 ◦C for 12 h. It should be noted
that the UiO-66-NH2 sample is yellow while the UiO-66 samples are white (Figure A1).

2.3. Mechanochemical Encapsulation Method

The encapsulation process was performed following a ball milling method, in partic-
ular through liquid-assisted grinding (LAG). In this technique, the reagents, previously
physically mixed, were added into the grinding jar. Additionally, a small quantity of solvent,
known as assisting liquid, was added to the solids. This may facilitate mechanochemical
processes [31], help to obtain a better distribution of the solids, and enhance the diffusion,
and consequently, the caffeine encapsulation. A Vibratory Micro Mill PULVERISETTE 0
(Fritsch, Idar-Oberstein, Germany) equipped with a mortar and a grinding ball, both made
of stainless steel, was used. The operation conditions were optimized in terms of operation
time, weight of solids, and amount of solvent. The procedure was the following: UiO-66
or UiO-66-NH2 (750 mg) and caffeine (250 mg) were physically mixed and added to the
mortar. Then, 1 mL of distilled water was added as the assisting liquid, since caffeine
presents a moderate water solubility (20 g/L at room temperature) and, thus, the presence
of water will facilitate its diffusion within the pores of the UiO-66. After 2 h of ball mill
operation, the loaded-caffeine MOF capsules, named CAF@MOF, were dried in an oven
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at 100 ◦C for 2 h to eliminate the water present in the samples. Figure A1 shows that the
samples did not change color when the caffeine was encapsulated.

2.4. Preparation of Polymer Composites with UiO-66 Capsules with Caffeine

The CAF@MOF capsules were incorporated into the textile composites during the
extrusion process. Two kinds of polymer were studied, polyamide (PA6) and polylactic acid
(PLA). In each composite, the weight percentage of the caffeine-loaded capsules was 10 wt%,
and, taking into account that the caffeine loading in the capsules was 25 wt%, the theoretical
value of caffeine in the composites was 2.5 wt%. In order to determine the efficacy of the
capsules, a composite was prepared with pure caffeine, without encapsulation in UiO-66.
In this case, the amount of caffeine added in the extrusion process was proportional to the
caffeine encapsulated in the capsules. Therefore, all the composites had the same quantity
of theoretical caffeine. These composites were prepared using an Instron®’s Melt Flow
Tester equipment model CEAST MF20 (Barcelona, Spain). The capsules were previously
mixed with the polymer and this mixture was added to the equipment and heated. The
PA6 composites were prepared at 260 ◦C while the PLA composites, given their lower
melting temperature, were prepared at 190 ◦C. A weight (5 kg for PA6 composites and
2.16 kg for PLA composites) was placed on a piston which was located above the heated
mixture in order for the melted polymer to flow through a hot nozzle, cooling at the outside
of the oven and creating the extruded composites. Figure 1 shows images of the polymer
composites with the UiO-66 capsules and caffeine. The samples have a whitish color except
for the samples prepared with CAF@UiO-66-NH2, which are yellowish, consistent with the
color of the synthesized MOFs (see Figure A1).

2.5. Characterization

The formation of UiO-66 was studied by X-ray diffraction (XRD) analysis using an
Empyrean PANanlytical diffractometer (Malvern Panalytical, Malvern, UK) with a copper
anode and a graphite monochromator to select CuKα radiation (λ = 1.5406 Å). Data were
collected in the 2.5–40◦ 2θ range with a scanning rate of 0.01 ◦/s.

The textural properties, including BET surface areas with pore volumes, were mea-
sured using a Micromeritics TriStar 3000 (Micromeritics Instrument Corporation, Norcross,
GA, USA) with previous degasification at 200 ◦C (for UiO-66) and at 175 ◦C (for UiO-
66-NH2) for 10 h with a heating rate of 10 ◦C/min in a Micromeritics VacPrep™ 061
(Micromeritics Instrument Corporation, Norcross, GA, USA).

Thermogravimetric analysis (TGA) was performed using Mettler Toledo TGA/SDTA
854e equipment (Mettler Toledo, Columbus, OH, USA). Samples placed in 70 µL alumina
pans were heated up to 700 ◦C with a heating rate of 10 ◦C/min.

Attenuated total reflection-Fourier transformed infrared spectroscopy (ATR-FTIR) was
carried out in a Bruker Vertex 70 FTIR spectrometer (Bruker, Billerica, MA, USA) with a
DTGS detector and a Golden Gate diamond ATR accessory. The spectra were recorded by
averaging 40 scans in the 600–4000 cm−1 wavenumber range with a resolution of 4 cm−1.

The surface morphology of the samples and their particle sizes were studied by
SEM. Moreover, SEM-EDX analysis was performed on the polymer composites in order to
determine the atomic percentage at different points and to confirm the presence of UiO-66.
The samples were cut under a liquid nitrogen atmosphere and their cross sections were
viewed through electron microscopy using an FEI-Inspect F50 microscope at a voltage of
10 kV. The samples were previously coated with palladium under vacuum conditions.

The powder samples were also observed by Transmission Electron Microscopy (TEM)
using a FEI Tecnai T20 microscope (FEI Company, Hillsboro, OR, USA) operated at 200 kV
accelerating voltage. The samples were dispersed in ethanol and drops of the solution were
placed onto a carbon-coated grid.

Caffeine release from the CAF@UiO-66 samples was evaluated at 25 ◦C using distilled
water. Suspensions of 10 mg CAF@MOF samples in 100 mL of water were prepared and
the concentration of caffeine in each 3 mL aliquot was determined using a calibration curve.
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Each release experiment was performed twice. In order to achieve a gradual release, these
experiments were carried out without stirring. Additionally, this solid–liquid extraction
was performed with a physical mixture of MOF and caffeine in the same ratio as the ball
mill samples (25 wt% of caffeine). Caffeine release from the polymer composites was
carried out similarly. Around 500 mg of composites were cut into similar pieces and added
to 100 mL of distilled water. Periodically, a liquid sample (3 mL) was taken from the release
media. The initial temperature was 25 ◦C, which was increased to 50 ◦C, and then to 80 ◦C
in order to achieve a gradual release over time. The amount of caffeine in the liquids
obtained from solid–liquid extraction was quantified by ultraviolet spectroscopy (UV–Vis)
using a JASCO V-670 spectrophotometer (JASCO International, Tokyo, Japan) using water
as a solvent at a wavelength of 272 nm.

Solid-state cross-polarization magic angle spinning (CP MAS) 13C-Nuclear Magnetic
Resonance (NMR) spectra were acquired with a Bruker Avance III 400 MHz Wide Bore
spectrometer (Bruker, Billerica, MA, USA) equipped with a 4 mm CP MAS 1H-BB probe.
Approximately 100 mg of the product was packed in a 4 mm zirconium rotor and sealed
with a Kel-F cap. The 13C CP spectra were acquired with a MAS rate of 10 kHz, a ramp-CP
contact time of 3 ms, and a 7 s recycle delay. For the 1H NMR measurement, the liquid
samples taken from the release experiments were evaporated and dispersed in deuterated
water. NMR spectra were acquired with a Bruker Neo 500 MHz spectrometer equipped
with a 5 mm iProbe 1H-BB at 25 ◦C using TMS as the internal standard. The 1H and 1H
presaturation experiments were conducted with 64 scans.

During the preparation of the polymer composites (previously explained in Section 2.4),
the equipment used also recorded their fluidity values in accordance with the ISO 1133
standard (reference [50]) test method. The equipment measured the fluidity at regular inter-
vals, obtaining an average value at the end of the process. The results of the measurements,
known as the melt volume rate (MVRs), are expressed in units of cm3/10 min.

3. Results and Discussion
3.1. MOF Characterization

To evaluate the encapsulation efficiency in porous materials, various MOF samples
were used in this work. Two types of UiO-66 with different textural properties, and the
amino-functionalized form UiO-66-NH2, were tested. Therefore, first of all, the MOF
samples were characterized by nitrogen adsorption–desorption (Figure 2 and Table 1).
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Table 1. Textural properties of UiO-66c, UiO-66s, and UiO-66-NH2 before and after caffeine encapsulation.

BET Surface Area
(m2/g)

Total Pore Volume 1

(cm3/g)
Micropore Volume 2

(cm3/g)

UiO-66c 1298 ± 24 0.626 0.544
UiO-66s 771 ± 12 0.600 0.271

UiO-66-NH2 650 ± 11 0.380 0.240
CAF@UiO-66c 216 ± 3 0.130 0.078
CAF@UiO-66s 396 ± 6 0.340 0.129

CAF@UiO-66-NH2 150 ± 2 0.120 0.044
1 At P/P0 = 0.97. 2 Using t-plot.

The different textural properties of UiO-66c and UiO-66s can be seen from the sorption
isotherms represented in Figure 2. For UiO-66c, the isotherm is a type-I according to the
IUPAC classification, indicating a microporous structure of this material (see also micropore
volume in Table 1). For the synthesized MOFs (UiO-66 and UiO-66-NH2), the isotherms are
a combination of type I and type IV, indicating the presence of micropores and mesopores,
which can influence caffeine encapsulation and its posterior gradual release. Furthermore,
the synthesized MOFs that have a smaller size, as seen below, show an increase in nitrogen
adsorption at values close to P/P0 ≈ 1, which is related to the condensation between
nanoparticles. In the literature, the reported BET surface areas for UiO-66 range from
~600 to 1800 m2/g [51]. The surface area values found here for UiO-66 are in that order.
The lower BET surface values of UiO-66s (771 m2/g) compared to UiO-66c (1298 m2/g)
are in agreement, as will be seen below, with the XRD pattern of this material, which
was not as crystalline as UiO-66c. The BET surface area (650 m2/g) and the micro-pore
volume (0.240 cm3/g) of UiO-66-NH2 were slightly lower than those obtained for UiO-
66s (771 m2/g and 0.271 cm3/g). This slight decrease could be related to the presence
of the amino group that reduces the space in the pores. In any case, the surface area for
UiO-66-NH2 is within the range of values reported in the literature, ~630–996 m2/g [25,30].

Figure 3 shows the XRD spectra obtained after the activation of UiO-66 synthesized
using a green solventless method, UiO-66-NH2 synthesized using a solvothermal method,
UiO-66c, and simulated UiO-66. The XRD pattern of the synthesized UiO-66 is in line
with the simulated pattern. The main peaks at approximately 2·θ = 7.4, 8.5, and 25.7◦ are
related to the crystallographic planes (111), (002), and (224) [52], and affirm the successful
synthesis of the desired MOF structure. The agreement of peaks in the XRD shows that
UiO-66-NH2 was also properly synthesized by the solvothermal method. It was noted
that UiO-66 and UiO-66-NH2 displayed comparable diffraction patterns, suggesting that
ligand functionalization had no impact on the MOF crystal structure [53]. In the case
of the UiO-66s, the peaks are broader than those of the UiO-66c, which may indicate a
lower degree of crystallinity and also a smaller crystal size, as explained in the microscopy
study below.

The average crystal size (D) was calculated by Scherrer’s equation (Equation (1)) using
the peaks at 7.4, 8.5, and 25.7◦ for the three MOF samples.

D =
K · λ

β · cos θ
(1)

The values obtained with the highest intensity peak at 7.4◦ were 49.5 nm, 13.4 nm, and
40.2 nm for the UiO-66c, UiO-66s, and UiO-66-NH2, respectively. The calculated values
for the other peaks are similar to these previous values (see Table A1). In the subsequent
sections, the trend of these values will be corroborated by observing SEM images. The
highest particle size was obtained for UiO-66c and the lowest for UiO-66s.
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The FTIR spectra (Figure 4) of the UiO-66c and the synthesized MOFs are compared
to confirm the MOF synthesis and identify the main molecular groups. As can be seen,
the synthesized UiO-66 presents a similar pattern to that of the UiO-66c. In particular,
the band at 1578 cm−1 is assigned to the C=O carbonyl bond stretching vibration of the
carboxyl group. The weak band at 1507 cm−1 is related to the C=C vibration of the benzene
ring. The strong band at 1391 cm−1 is ascribed to the C-O bond of the C-OH group of the
carboxylic acid [56]. Next to this peak appears a small peak at 1424 cm−1 related to the
C-C of the benzene ring. Other typical bands for UiO-66 are at 743 and 664 cm−1 for the
symmetric and asymmetric stretching of the O-Zr-O bonds, respectively [57]. In the case of
UiO-66-NH2, the bands that appear relate to the functional groups corresponding to the
amino group. There is a broad absorption band at around 3343 cm−1 that corresponds with
the symmetric and asymmetric vibration bands of –NH2. The small peak at 1662 cm−1

corresponds to the N-H bending vibration [58]. The band at 1562 cm−1 is attributed to
the C=O bond in the carboxyl group. The band at 1424 cm−1, characteristic of C-C in the
benzene ring, is more pronounced than in the UiO-66 sample. Additionally, two bands
are observed at 1254 and 1378 cm−1 corresponding to the band of C-N bonded between
aromatic carbon and nitrogen [49].

SEM images of the nanoparticles are shown in Figure 5. In this figure, it can be seen
that the nanoparticles are relatively homogeneous, and the geometry is not fully developed,
presenting an appearance between cubic and spherical. The particle size of these samples
was measured using the ImageJ software [59], obtaining mean values of 77 ± 12 nm,
38 ± 5 nm, and 59 ± 7 nm for UiO-66c, UiO-66s and UiO-66-NH2, respectively. The size
distribution of the MOF samples was calculated from these SEM images (Figure A2). As
can be observed, the MOF samples present a uniform particle size distribution, having a
maximum of around 70 nm, 30 nm, and 60 nm for UiO-66c, UiO-66s, and UiO-66-NH2,
respectively, which are very close to the mean values.
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The smaller particle size observed for the synthesized UiO-66 is in agreement with
the lower crystallinity observed by XRD. In addition, the particle sizes observed by SEM
analysis are similar to the values obtained by Scherrer’s equation (see Table A1). Using
the highest intensity XRD peak, for UiO-66c the difference between values from the SEM
and Scherrer’s equation is from 77 to 54 nm, for UiO-66s it is from 13.4 to 38 nm, and
for UiO-66-NH2 from 59 to 43 nm. The difference is more pronounced in the case of the
UiO-66s. This may be because the peak at 7.4◦ for the Scherrer’s equation calculation is
more amorphous in the synthesized MOF sample than in the other samples (UiO-66c and
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UiO-66-NH2). In any case, the trends in particle size are predicted both by SEM and by the
calculations made with Scherrer’s equation for any of the peaks used.

In order to examine these MOF samples in more detail, they were also characterized
by TEM. Figure A3 shows that the nanoparticles in the UiO-66-NH2 sample were better
dispersed than in the UiO-66 samples, which appeared more agglomerated, so the particle
sizes in the latter were not as clear. The particle sizes obtained from this technique were
similar to the values determined by SEM analysis.

The thermal stability of the samples was tested by thermogravimetric analysis (TGA).
Figure 6 shows the weight loss of the samples under the flow of nitrogen. The initial
weight loss (until 100 ◦C) of the MOF samples corresponds to the removal of moisture
from the samples. UiO-66c and UiO-66s presented high thermal stability (up to 500 ◦C), as
reported in the literature [34]. This weight loss is related to ligand decomposition under
pyrolytic conditions and the subsequent amorphization of the structure and pore collapse.
The synthesized sample showed a higher content of moisture. The thermal stability of
the UiO-66-NH2 was lower than that of the pristine UiO-66, because of the presence of an
additional functional group [25], showing a weight loss from 300 to nearly 600 ◦C, which
was more gradual than that of the UiO-66. After TGA under N2 flow, the residue originated
from the carbonization of the ligand and the formation of ZrO2 coming from Zr and O
elements in the UiO-66 [60].
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3.2. Caffeine-Loaded Capsules

The XRD patterns of the UiO-66 samples before and after caffeine encapsulation are
shown in Figure 3. Peaks corresponding to caffeine do not appear in the CAF@MOF
samples, which indicates that there were no caffeine crystals in the samples, suggesting the
encapsulation of the additive in the porous framework of UiO-66 and UiO-66-NH2. Slight
shifts in the peaks can be noted after caffeine encapsulation. Particularly in CAF@UiO-66-
NH2, the XRD peaks were displaced to a lower angle. This shift observed may involve an
increase in the d-spacing or the distance between crystal planes in the UiO-66 structure. In
the bibliography, the introduction of ionic liquids into the micropores of UiO-66 resulted
in a slight expansion of the crystal lattice [61]. Nevertheless, the preservation of the XRD
peaks indicates that the crystal structure remains after caffeine loading.

The presence of caffeine in the encapsulated samples was affirmed by using FTIR
spectroscopy, as shown in Figure 4. In the spectra of caffeine, some typical bands were
identified at 1693 and 1645 cm−1, corresponding to the carbonyl bond C=O. Slight shifts in
carbonyl groups were detected in the spectra of CAF@UiO-66c (from 1693 and 1645 cm−1
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to 1701 and 1653 cm−1), in the spectra of CAF@UiO-66s (to 1701 and 1654 cm−1), and in the
spectra of CAF@UiO-66-NH2 (to 1698 and 1652 cm−1). These shifts suggest interactions
between caffeine molecules and UiO-66 groups [34]. In the FTIR spectra, the main functional
groups in the MOF are shown to have been preserved in the CAF@UiO-66 samples.

The thermal stability of the capsules was measured by using TGA. Additionally, with
this technique, the caffeine encapsulation was estimated and was later corroborated by
the release experiments and analyzed by UV–Vis. Therefore, the efficiency of additive
encapsulation can be observed in terms of the initial degradation temperature of caffeine
in the encapsulated samples. Figure 6 represents the TGA and DTG (derivative thermo-
gravimetry) for the caffeine and UiO-66 samples before and after encapsulation.

For the CAF@UiO-66c sample, the biggest weight loss related to caffeine appears
delayed (maximum weight loss at 310 ◦C and degradation between 220 and 380 ◦C)
compared to the curve of pure caffeine (maximum weight loss at 250 ◦C and degradation
between 180 and 290 ◦C). This delay in the caffeine degradation may be explained by its
encapsulation in the UiO-66 framework. The percentage of encapsulated caffeine measured
for this peak is 24.2 wt%. There is also a small weight loss (approximately 1.5 wt%) between
180 and 220 ◦C that may be related to free caffeine or caffeine superficially adsorbed on
the MOF. The total value of caffeine present in this sample is close to the theoretical value
added in the encapsulation process, which is 25 wt%. The MOF decomposition occurs at
the same temperature as it occurs in the crystalline MOF before encapsulation; therefore,
the UiO-66 structure remains unaffected after the grinding encapsulation process.

In the case of CAF@UiO-66s, the delay related to caffeine degradation is lower than
for CAF@UiO-66c. In this case, the degradation of caffeine takes place between 180 ◦C and
370 ◦C with two maximums, one at approximately 240 ◦C and the other at 290 ◦C. This
fact can be explained by the lower surface area of UiO-66s, which is not as crystalline as
UiO-66c, and, therefore, the caffeine encapsulated inside the micropores will be less, and a
part of the caffeine is adsorbed in mesopores or superficially adsorbed in the MOF since
its external area is high given its small particle size. The caffeine load of this sample was
26.4 wt%, again, close to the theoretical value of 25 wt%.

In the case of CAF@UiO-66-NH2, the degradation of caffeine takes place between
180 ◦C and 380 ◦C with two maximums, one at approximately 230 ◦C and the other at
320 ◦C, which again can be related to two types of caffeine encapsulated in the micropores
and the mesopores/superficial. Analyzing the weight loss corresponding to caffeine for
the UiO-66-NH2 sample the additive load was 25.8 wt%.

The sorption isotherms before and after encapsulation have similar shapes for each
MOF, although the quantity adsorbed in the encapsulated samples is much lower (Figure 2).
The BET analysis was performed after the caffeine encapsulation (Table 1) in order to verify
the decrease in the surface area resulting from the additive encapsulation. The specific
surface area of UiO-66c decreased by 83% (from 1298 m2/g to 216 m2/g) while the decrease
in UiO-66s was slightly lower at 49% (from 771 m2/g to 396 m2/g). Following the same
trend, UiO-66-NH2 decreased its area by 77% (from 650 m2/g to 150 m2/g).

The 13C CP MAS NMR spectra (Figure 7) were achieved for pure caffeine, both UiO-66,
UiO-66-NH2, and the caffeine encapsulated samples (CAF@UiO-66c, CAF@UiO-66s and
CAF@UiO-66-NH2). The observed chemical shifts (in ppm) for caffeine correspond to 27.8
(C10), 29.61 (C12), 33.82 (C14), 104.56 (C5), 141.40 (C8), 146.55 (C4), 149.65 (C2), and 153.01
(C6) [62]. The NMR spectra of UiO-66 contain three peaks located at isotropic chemical
shifts of 127.52 ppm (C2, C3, C5, C6), 135.53 ppm (C1, C4), and 169.78 ppm (C7, C8).
The peak at the high chemical shift corresponds to carbon atoms from a carboxylic group.
The peak at 127.52 ppm is assigned to carbon atoms bonded to a proton. The peak at
135.53 ppm corresponds to quaternary aromatic carbon atoms [63]. Peaks corresponding
to pure caffeine are clearly seen in the encapsulated samples, in C5 105.50, 105.24, and
105.79 ppm for CAF@UiO-66c, CAF@UiO-66s, and CAF@UiO-66-NH2, respectively, with
a slight change in chemical shift as compared with the caffeine spectra (104.56 ppm),
suggesting the encapsulation of the additive. The intensity of these peaks is lower for

172



Polymers 2024, 16, 637

encapsulated samples. In addition, the peaks of UiO-66 were observed in the ball mill
samples, indicating the preservation of the UiO-66 structure.
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Figure 7. 13C CP MAS NMR spectra of caffeine, UiO-66c, UiO-66s, and UiO-66-NH2, and the
corresponding encapsulated samples (CAF@UiO-66c, CAF@UiO-66s, and CAF@UiO-66-NH2).

SEM analysis was used to observe the physical morphology of the samples after
caffeine encapsulation (Figure 5). As can be observed, the UiO-66 morphology of all the
samples was preserved after ball mill encapsulation; therefore, the crystalline framework
and, by extension, most of the UiO-66 properties were maintained after the process. A pure
caffeine sample was also seen using SEM (Figure A4). Caffeine crystals have an elongated
shape with a particle size of approximately 7.8 ± 3.3 µm. This caffeine crystals do not
appear in the encapsulated samples.

To summarize the characterization of the capsules with caffeine encapsulated in MOF
by ball milling, the following indications ensure the correct encapsulation of caffeine:
the XRD patterns do not show peaks corresponding to pure caffeine; the TGA analysis
shows a delayed degradation of caffeine compared to pure caffeine and whose weight loss
approximately coincides with the expected load of 25 wt% of additive; the FTIR and NMR
analyses show the characteristic peaks of caffeine with slight shifts; the specific surface
and pore volume of the capsules decrease significantly compared to the pure MOF; and
the SEM images preserve the shape of the MOF without observing caffeine crystals. These
indications are corroborated by the slower release of caffeine from the capsules than caffeine
without encapsulating, as described in the caffeine-release section below.

3.3. Characterization of Textile Composites

Figure 8 represents the XRD spectra of the PA6 and PLA composites with capsules and
with pure caffeine. The pure polyamide shows a wide peak around 2θ = 21.4◦, characteristic
of γ-PA6 [64], which indicates its semi-crystalline character. With the presence of capsules
or caffeine, three peaks are related to PA6, the one just indicated above at 2θ = 21.4◦, and
two new peaks at 2θ = 20.4◦ and 23.7◦ related to α-PA6 [64,65]. This would indicate a
certain degree of change in the crystalline character of PA6 with the presence of the filler.
The pure PLA shows a practically amorphous character with a very wide peak centered
at 2θ = 16◦ that seems to vary with the addition of capsules based on caffeine or pure
caffeine, which would suggest a certain degree of interaction of these materials with the
PLA polymer. According to the XRD results, some characteristic peaks of the UiO-66 are
present in the sample composites with capsules, indicating the presence of the capsules
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and providing evidence that the crystalline structure of the MOF was maintained after the
extrusion process. For polymer composites with synthesized UiO-66, the observed peaks
are broader, as occurred in the XRD of the solid samples (see Figure 3). In the case of the
PA6 and PLA composites with pure caffeine, there are no visible peaks corresponding to
this additive.
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In addition, the presence of caffeine and UiO-66 in the polymer composites was studied
by FTIR analysis. Figure 9 shows the spectra of the PA6 and PLA composites. In this figure,
signals appear corresponding to the caffeine-loaded capsules and to each polymer. For
the pure PA6 composite, the main bands of this polymer can be observed [66]. The bands
located at 3300 and 1538 cm−1 were assigned to the stretching and bending vibration of the
hydrogen bonds in the amide II. These same bonds for amide I present a band at 1636 cm−1.
The carbonyl group (C=O) is represented by the band at 1636 cm−1. Additionally, the signal
at 3080 cm−1 corresponds to the intramolecular bond between amide and carbonyl groups
(-CONH2). The O=C-N bond related to the ring opening is confirmed by the presence of
the band at 1262 cm−1 which corresponds to the Caliphatic-N bond. The bands observed
at 2932 and 2861 cm−1 were assigned to the vibration of symmetrical and asymmetrical
stretching of –CH2 and –CH3 groups, respectively. Additionally, the presence of groups
was confirmed due to the presence of the bands at 1462 and 1418 cm−1 for –CH2, and
the band at 1371 cm−1 corresponding to the –CH3 group. Finally, the γ-PA6 phase is
denoted by the presence of a band at 977 cm−1 [64]. For the PA6 composites with capsules
or caffeine, a band appears at 928 cm1 related to the α-PA6 phase. In Figure 9, the most
important bands of UiO-66 at 1578 cm−1 (C=O carbonyl bond), 1507 cm−1 (C=C phenyl
ring), 1391 cm−1 (C-O of carboxylic group), and 743 and 664 cm−1 (O-Zr-O) are reflected
in the PA6 composites. These bands are marked by dark dash lines in Figure 9. Likewise,
there are some bands that could correspond to caffeine, such as 1700 cm−1, and, although
it coincides with a UiO-66 band, that of 743 cm−1.
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The FTIR spectra of the pure PLA composites show the main bands for this polymer
(Figure 9b) [67]. The bands located at 2995 and 2945 cm−1 correspond to the vibration of
the symmetrical and asymmetrical stretching of C-CH3. The stretch of the carbonyl bond
(C=O) is represented by the band at 1753 cm−1. The band located at 1453 cm−1 is due to
the asymmetrical bending of the CH3 group. Additionally, the bands observed at 1381
and 1360 cm−1 represent the asymmetrical and symmetrical bending of CH. The bending
of C=O is denoted by the presence of a band at 1268 cm−1. The stretching symmetrical
vibration of the C-O-C bond corresponds to the bands at 1181, 1128, and 1082 cm−1. The
band at 1044 cm−1 was assigned to the C-CH3 stretching. The C-C stretching is denoted
by the band at 868 cm−1. In the case of the PLA samples with capsules (CAF@UiO-66c),
their corresponding bands also appear in the composite’s spectra, especially the bands
corresponding to the MOF, the caffeine bands being not very noticeable. The bands
corresponding to the UiO-66 present in the composite samples are at 1578 cm−1 (C=O)
and 1507 cm−1 (phenyl ring C=C), and the band at 664 cm−1 is due to the (O-Zr-O) bond.
Moreover, there are slight bands that could correspond to caffeine, specifically at 1700
and 1652 cm−1, which denote the presence of the carbonyl (C=O) bond. The results are in
agreement with what was observed by XRD in terms of the preservation of the structure
and functional groups of the MOF. For polymer composites with pure caffeine, bands
corresponding to this additive are not visible in the spectra.

The prepared PA6 and PLA composites were characterized by TGA (Figure 10). The
TGA curves of the pure PA6 composites (Figure 10a) show differences between the pure
polymer and PA6 with capsules. In that of PA6, there is a small continuous degradation
(<5 wt%) between 100 and 250 ◦C that may be related to unreacted reagents and small
amounts of water. The large mass loss related to the degradation of the polyamide begins
at around 350 ◦C with a maximum in DTG at 445 ◦C (Figure 10b). In the PA6 with capsules,
the degradation of the sample occurs earlier than in the pure PA6, with a maximum in
DTG at 432 ◦C, 420 ◦C, and 430 ◦C for UiO-66c, UiO-66s, and UiO-NH2, respectively. This
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faster degradation may be due to a slight catalytic effect of the MOF present in the capsules
since the degradation of PA6 with pure caffeine has a maximum DTG (446 ◦C) at the same
temperature as the pure PA6. In the polymer composites with capsules and pure caffeine,
there is a detectable weight loss in the DTG before the degradation of the polymer, which
could be related to the presence of caffeine as well as stabilization since it occurs at higher
temperatures than pure and encapsulated caffeine. Furthermore, in the polymer composites
with capsules, a clear weight loss is shown after the degradation of the polymer, which
may be due to the MOF. This represents an acceleration in the degradation of the MOF,
probably due to the caloric effects of the degradation of the polymer, which indicates good
integration of the capsules in the polymer. It should be noted that, in these samples, the
final residue of the TGA carried out in the air is ZrO2.
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zation of PLA composites. TGA was carried out under air flow.

Regarding the residual weight loss after each analysis, the amount of zirconium
dioxide (zirconia) in the sample can be calculated. Therefore, the experimental percentage
of capsules inside the composites can be determined. For the PA6 composites, the final
percentage of ZrO2 was 5.21 wt%, 4.57 wt%, and 5.40 wt% for UiO-66c, UiO-66s, and
UiO-66-NH2, respectively. Taking into account the previous values and UiO-66 as the
molecular formula C48H28O32Zr6 and UiO-66-NH2 as C48H28N6O32Zr6, the experimental
percentage of capsules in the composites has been calculated, as shown in Table 2. The
theoretical percentage of capsules was 10 wt%. The difference between this value and the
previous ones may be due to the small quantity of sample used in the TGA analysis, which
may not be very reproducible from the total sample.
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Table 2. Experimental percentage of capsules inside the PA6 and PLA composites. The theoretical
value is 10 wt% in all cases.

Polymer Capsule wt% Capsules
(Experimental) 1

PA6
CAF@UiO-66c 9.4 ± 5.5
CAF@UiO-66s 9.0 ± 6.7

CAF@UiO-66-NH2 11.4 ± 8.0

PLA
CAF@UiO-66c 5.7 ± 1.5
CAF@UiO-66s 11 ± 6.0

CAF@UiO-66-NH2 8.9 ± 0.4
1 The value has been calculated by TGA with at least two samples.

Figure 10c,d shows little variation in the degradation of the PLA composites with and
without UiO-66 capsules. In the sample with pure caffeine, there is a certain delay in the
degradation of the polymer. In the samples with capsules, there is a very slight advance
in the degradation of the polymer. In any case, a residual weight was observed after each
analysis, reaching values of 1.56 wt% (composite with UiO-66c), 3.11 wt% (composite with
UiO-66s), and 2.75 wt% (composite with UiO-66-NH2). With these data, as with the PA6
composites, the percentage of capsules in the PLA composite was determined (Table 2). The
values, although they are of the expected order, do not agree with the theoretical percentage,
which is related to the small amount of sample used in the analysis.

To confirm the presence of caffeine in the polymer composites, a 13C NMR analysis
(Figure A5) was also performed of the PA6 composites with caffeine and with CAF@UiO-
66c, the sample which gave the best release results, as will be shown below. The 13C NMR
spectra of PA6 can present different forms depending on the polyamide structure [68]. The
PA6 composite spectra obtained with caffeine and capsules are similar to the spectra of
pure PA6. Neither caffeine nor UiO-66 were detected inside the composites.

Figures 11 and 12 show the SEM images of the PA6 and PLA composites. As expected,
for the pure PA6 composite no particle was observed (Figure 11a). In the composites with
CAF@MOF, UiO-66 particles were seen in the PA6 composite cross-section (Figure 11b–d)
with a shape very similar to the particles before being added to the composite and showing
good contact between the capsules and the PA6. This would be related to the organic
character of the MOF that makes it compatible with the polymer. In general, regardless of
the type of capsule, both isolated particles (Figure 11b) and particle aggregates (Figure 11c,d)
can be found in the samples, although in the sample with UiO-66c, the particles are less
aggregated. On the samples with capsules (Figure 11b–d), EDX analysis was performed
at the indicated points. The Zr atomic percentage values of the EDX analysis of these
composites are shown in Figure 11f. In the PA6 + CAF@UiO-66c sample, the Zr element
was detected by EDX analysis at different points of the solid particle. Another zone away
from this particle was also analyzed (point 4), where the Zr percentage was zero. In the
composite sample with synthesized UiO-66, zirconium was also detected in an aggregate
of particles reaching values around 2.5 at%. If a larger aggregate of particles is analyzed,
such as the one in the composite of UiO-66-NH2 capsules, zirconium is detected in greater
quantities (Figure 11f). In any case, with the EDX analysis and the preservation of its
shape, it is possible to confirm the presence of the MOF after the composite manufacturing
process. It should be noted that the composite manufacturing process occurs at 260 ◦C, a
temperature which, as has been observed in the TGA, the MOF capsules with caffeine can
withstand. Figure 11e clearly shows the caffeine crystals inside the PA6 composite, which
indicates that the pure caffeine added to the composite is also capable of withstanding the
processing conditions, as was already intuited in the TGAs of the composites.
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In the PLA composites with capsules (Figure 12b–d), MOF particles were also observed
preserving their appearance, showing good contact with the polymer, and sometimes
forming aggregates. In addition, the presence of the Zr element was confirmed by EDX
analysis, reaching values between 2–4 at%. It should be noted that the processing of PLA
composites was at 190 ◦C, which is slightly lower than the processing of PA6 (260 ◦C) in
which, as mentioned above, the capsules were not degraded. Unlike the PA6 + caffeine
composite, for the PLA + caffeine sample, no caffeine crystals were observed in the cross-
section. This may be due to the reaction that takes place between PLA and caffeine, which
is explained in more detail in the caffeine delivery section.

The melt volume rate values of the PA6 and PLA composites were measured during
composite preparation, and the values are represented in Table 3. Composites with the cap-
sules, especially PLA, presented lower fluency rates in comparison with the pure polymers.
This decrease is not very pronounced, so it does not affect the composites’ processing or
their mechanical properties. The values for the PLA composites are particularly low with
respect to the PA6 composites due to the lower fluidity of the pure polymer.
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Table 3. Melt volume rate values (MVR) of PA6 and PLA composites.

Polymer Capsule MVR
(cm3/10 min)

PA6

Pure 78.78 ± 4.50
CAF@UiO-66c 73.42 ± 6.37
CAF@UiO-66s 60.32 ± 14.17

CAF@UiO-66-NH2 63.88 ± 6.91
Caffeine 77.01 ± 4.65

PLA

Pure 5.75 ± 0.45
CAF@UiO-66c 2.40 ± 0.88
CAF@UiO-66s 2.96 ± 1.45

CAF@UiO-66-NH2 1.25 ± 0.36
Caffeine 3.66 ± 0.19

In summary, it can be stated that the incorporation of the capsules with caffeine in the
PA6 and PLA composites has been successful given the following evidence obtained in the
characterization of the composite materials: the XRD patterns show the preservation of the
structure of the capsules; FTIR analysis denotes the presence of the main functional groups
of the capsules; TGA reveals a certain influence in the degradation of the composite due
to the presence of the capsules observing a final residue related to them; the SEM images
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show that the shape of the capsules is preserved with good contact with the polymers;
and the chemical analysis by EDX analysis in the SEM images shows the clear presence of
zirconium. Furthermore, as will be shown in the following section, caffeine is progressively
released from the polymer composites.

3.4. Caffeine-Release
3.4.1. CAF@MOF

Figure 13 shows the evolution with time of caffeine release in the CAF@MOF samples.
As shown in the figure, the best encapsulation result was achieved for the CAF@UiO-66c
sample since the release is more gradual than for the other samples. With this sample, the
maximum caffeine percentage was reached at seven days until a value of 20 wt%. For the
CAF@UiO-66s sample, the initial release is similar to the CAF@UiO-66c, but at shorter
times the release is faster, achieving a value of around 20 wt% at 3 h. Then, for longer times,
the value stabilizes at four days (23 wt% of caffeine in the capsules). This difference can be
attributed to the textural properties of UiO-66. On the one hand, due to the smaller particle
size of the UiO-66s than the UiO-66c, the external surface in contact with water is higher, so
the release would be faster. On the other hand, the specific surface area of the UiO-66s is
lower and with a smaller volume of micropores, so its capacity is more limited than the
UiO-66c. Although UiO-66s has mesopores, these appear to release caffeine more quickly.
Furthermore, as seen by TGA, there appear to be two types of caffeine in this sample and
in general less interaction with the MOF than in the CAF@UiO-66c sample. In these release
experiments, the temperature was increased to 80 ◦C for two days (from day 8 to day 10),
in order to know the maximum caffeine content in the capsules, and reached values of
23 wt% and 27 wt% for UiO-66c and UiO-66s, respectively. In both cases, the percentages
were similar to those calculated by TGA and, therefore, also to the theoretical value of
encapsulated caffeine (25 wt%). For the physical mixture, the release was faster in all cases,
since at 10 min the caffeine release was around 18 wt%. In both CAF@UiO-66, there was an
improvement in the rate of caffeine release related to the physical mixture. This difference
was more significant for UiO-66c, as already mentioned.
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and a physical mixture of both MOF with caffeine, determined by UV–Vis absorption. The error bars
come from the measurement of two samples prepared in different batches.
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The results for UiO-66-NH2 showed an improvement in the caffeine release for the
sample encapsulated in the ball mill (CAF@UiO-66-NH2) compared to the physical mixture
(caffeine + UiO-66-NH2). Comparing the ball mill samples, the synthesized MOFs (UiO-
66s and UiO-66-NH2) presented similar results. These release results were in accordance
with the surface area and TGA results, which are very similar. At low times, the release of
caffeine is higher for UiO-66-NH2, which may be due to the amino group hindering caffeine
encapsulation, so the caffeine was not well encapsulated. These results are in agreement
with observations in the literature that the −NH2 group causes competitive adsorption
of the water used as a medium for impregnation, which worsens the encapsulation of
caffeine [69].

3.4.2. Polymer Composites

The caffeine delivery from the polymer composites was also studied. Samples were
put in contact with distilled water for a period of time (until 14 days) and the temperature
was increased from 25 ◦C to 80 ◦C. The polymer composites were maintained for several
days at this final temperature, until reaching a constant value of caffeine in the solution.
Figure 14 shows a comparison of the release results of both kinds of polymers with all
the caffeinated composites. Since the mixing method used for composite processing did
not produce a homogeneous distribution of the capsules and the polymer, as observed by
SEM, the results obtained, given the small amounts of composites taken in the release, will
depend on the pieces of composite selected to carry out the release. The values in Figure 14
have been normalized taking into account the maximum value obtained in each composite
sample, which in most cases corresponds to the final value (14 days) already stabilized
over time.
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Figure 14. Normalized values of caffeine release in PA6 and PLA composites showing the evolution
with time and temperature. The amount of polymer composites introduced was 0.5 g for all samples.

For PA6, the release is faster in the polymer composite containing caffeine without
encapsulation. Therefore, the encapsulation process in the UiO-66 makes the release of
caffeine more gradual over time, extending the service life of the textile product. Comparing
the PA6 polymer composites with the capsules, the ones prepared with UiO-66c exhibit
more gradual caffeine release, as occurred with the capsules prepared with this MOF (see
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Figure 13). As indicated, the sample with UiO-66c, which has the largest surface area,
microporosity, and particle size, and in the TGA analysis delays the degradation of caffeine
indicating a deeper encapsulation, shows the most gradual release. In the case of the
sample with UiO-66-NH2, the release of caffeine seems slower than for UiO-66s in the PA6
composite but much faster than UiO-66c. In any case, it seems that the textural properties
have a more prominent role in the release than the presence of the amino group.

In the case of the PLA composites, the release was very slow at initial times when the
temperature was relatively low and experienced a sharp increase when the temperature was
increased up to 80 ◦C. Studies in the literature have analyzed the effect of basic drugs, such
as caffeine [44], on PLA degradation. They have concluded that basic drugs neutralize the
carboxyl end groups and minimize the autocatalytic effect of acidic chain ends in polymer
degradation and, therefore, the drug release rate decreases [70]. Furthermore, the release of
caffeine is delayed when it is encapsulated, in this case being evident at high temperatures.
In any case, it seems that an interaction is established between PLA and caffeine, which
means that even the caffeine sample without encapsulation shows a remarkably slow
release. This interaction between caffeine and PLA could occur during extrusion.

To verify the reproducibility of the trends obtained, an experiment similar to the
previous one was repeated with some representative samples but with a greater amount of
composite, between 7.4–9.4 g (Figure A6). In this experiment, it can be observed again that
in the PA6 polymer, the encapsulation of caffeine delays its release, with the CAF@UiO-66c
capsules showing the slowest release. In the PLA polymer, it is observed that there is a
differential delay in the release of caffeine with respect to the PA6 polymer. In PLA at low
temperatures, it does not seem that the encapsulation of caffeine favors its retention, and
high temperatures are needed to clearly show that the encapsulation in UiO-66c delays its
release. These results suggest that an interaction is established between caffeine and PLA
that could occur during extrusion and that undoubtedly delays its release. In any case, for
the PA6 composites, the encapsulation in UiO-66 is essential in order to achieve a more
gradual release.

To confirm the presence of caffeine, the liquids obtained from the solid–liquid extrac-
tions shown in Figure 14 (at 12 days) were analyzed by 1H NMR (Figure A7). The 1H NMR
spectrum of caffeine consists of the sole ring 1H signal (7.58 ppm) and the signals from
three methyl groups (3.37, 3.55, and 4.01 ppm) [71]. In Figure A7a (PA6) and A7b (PLA),
peaks can be observed corresponding to caffeine in the 1H NMR spectra of the polymer
composites. For the PA6 composites, there are some little peaks apart from these, which
may be due to polyamide decomposition. In the case of the PLA composites, peaks other
than caffeine appear with higher intensity, due to the fact that polylactic acid at 80 ◦C
decomposes more than polyamide. These peaks appear in other regions than the caffeine
ones, therefore they are not influenced by the presence of PLA or PA6.

3.5. Benchmark

The use of UiO-66 in encapsulation has been widely reported by other authors due
to its great adsorption properties and high thermal stability. The encapsulated compound
was caffeine in several studies, among other additives. Sarker et al. [34] reported the
storage and controlled release of caffeine from UiO-66 and the functionalized form UiO-
66-COOH, achieving caffeine loadings of 21.4 and 17.5 wt%, respectively. The release
of caffeine from pristine UiO-66 studied in a buffer solution (PBS, 0.01 M, pH: 7.4), was
fast and delivered 85% of the encapsulated caffeine in 12 h. Cunha et al. [32] achieved
a caffeine loading of 22.4 wt% and 13.2 wt% for UiO-66 and UiO-66-NH2, respectively.
In a later work, they analyzed the caffeine delivery of these MOFs in aqueous media at
37 ◦C. The experiments achieved 75% and 60% caffeine release in 24 h for the UiO-66 and
amino-functionalized form, respectively [33]. Zhou et al. reported the encapsulation of
caffeic acid (CA) in UiO-66, improving its stability. CA@UiO-66 showed the highest CA
loading rate of 56% and a release ability of CA of 83% until 100 h [72]. Caffeine was also
encapsulated in UiO-66 by solvent-free encapsulation under high-pressure contact of the
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additive and the MOF. The encapsulation value achieved with UiO-66 was 15 wt% [37].
Moreover, by a simple impregnation method, caffeine was encapsulated in UiO-66 and
UiO-66-NH2 by Devautour-Vinot et al., obtaining encapsulation values of 22.4 wt% and
13.2 wt%, respectively [69]. In our study, 20–25 wt% of caffeine was encapsulated in the
capsule (0.333 mg of caffeine/g MOF), which is slightly above the values mentioned in the
literature. Although very dependent on the operational conditions, with the best material
used in this work (UiO-66c) approximately 75% of the encapsulated caffeine was released
in 24 h at room temperature, which is in line with the data discussed above.

In the production of PA6 fibers through extrusion, Pérez et al. [15] achieved the incor-
poration of α-tocopheryl acetate into porous materials, specifically zeolite Y. The resulting
PA6 fibers contained 0.075 wt% of the additive. In a similar process, Zornoza et al. [16]
encapsulated 0.03%, 0.06%, and 0.17 wt% of caffeine in zeolite Y, MIL-53, and ZIF-8, re-
spectively. In our work with the UiO-66 MOF incorporated in PA6, a higher load of up to
2.5 wt% of caffeine was achieved. However, it must be taken into account that in the cited
work the addition was performed during the spinning process to obtain fibers with diame-
ters of 15–20 µm, while in our work melt extrusion was carried out to obtain composites of
about 1 mm in diameter.

4. Conclusions

In the present work, composite materials of polymers and metal–organic frameworks
based on zirconium (UiO-66) with encapsulated caffeine were successfully developed by
extrusion. In particular, the following conclusions can be listed:

• As indicated by the different characterization techniques (XRD, FTIR, SEM, TGA,
NMR, and nitrogen adsorption), UiO-66 has been prepared through a solvent-free
synthesis with textural properties (specific surface area and pore size distribution) and
a particle size that are different from those of commercially purchased UiO-66.

• With the same characterization techniques indicated in the previous point, it has been
demonstrated that UiO-66-NH2 has been prepared through a synthesis with ethanol,
avoiding the use of toxic solvents, such as DMF.

• The encapsulation of 25 wt% of caffeine by milling assisted by a small amount of water
in the capsules (MOF@CAF) has been carried out correctly with the available UiO-66
and also with UiO-66-NH2. This assertion is supported by the comparison of MOF
and caffeine with these capsules using various techniques, such as XRD, FTIR, SEM,
TGA, NMR, and nitrogen adsorption.

• The caffeine release study of the MOF@CAF samples shows a much slower release
compared to the physical mixture of caffeine with the MOF. The release is especially
slow in sample UiO-66c.

• The PA6 + MOF@CAF and PLA + MOF@CAF composites have been prepared by
extrusion with a theoretical caffeine load of 2.5 wt% and, despite the high processing
temperatures (190 ◦C and 260 ◦C for PLA and PA6, respectively), the capsules retain
their fundamental characteristics, as indicated by their characterization (XRD, FTIR,
SEM, EDX, and TGA).

• The caffeine release study of the PA6 + MOF@CAF composites shows a much slower
release compared to incorporating pure caffeine into the polymer. Therefore, the encap-
sulation of caffeine has a determining effect on delaying its release in PA6 polymers.

• Among the MOFs, UiO-66c, with its greater surface area, microporosity, and larger
particle size, shows the slowest caffeine release in the polymeric composites, which is
also in accordance with the release in the capsules.

• The amino group in the UiO-66 does not appear to play a prominent role in the release
of caffeine.

• Both in the CAF@MOF capsules and in pure caffeine, the PLA polymer establishes an
interaction with caffeine that delays its release markedly compared to the PA6 polymer.
In the PLA composites, the effect of encapsulation is observed at high temperatures.
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Finally, it should be mentioned that procedures respecting sustainability have been
developed, so that the syntheses of the zirconium-based MOFs have been carried out avoid-
ing the use of toxic solvents. Likewise, the encapsulation of caffeine in these synthesized
MOFs has been carried out by liquid-assisted milling, considerably reducing the amount
of solvents, reducing the process steps, and avoiding residues. Following the same trend,
the MOF@CAF capsules have been embedded during the extrusion process in recycled
polyamide 6 (PA6) and in a biopolymer based on polylactic acid (PLA) that is biodegradable.
These developed composite materials are the basis for the improvement of sustainable
functionalized textile fibers with embedded durable capsules that can dose additives, such
as caffeine, slowly.
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Table A1. Particle size values (nm) obtained from Scherrer’s equation calculated at different diffrac-
tion peaks (2·θ) for UiO-66c, UiO-66s, and UiO-66-NH2.

Particle Size (nm)

2·θ 7.4◦ 8.5◦ 25.7◦

UiO-66c 49.5 56.9 53.6
UiO-66s 13.4 21.9 23.5

UiO-66-NH2 40.2 42.4 43.6
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Abstract: Several composites based on poly(3-hydroxybutyrate) (PHB) and mesoporous SBA-15 silica
were prepared by solvent-casting followed by a further stage of compression molding. The thermal
stability, phase transitions and crystalline details of these composites were studied, paying special
attention to the confinement of the PHB polymeric chains into the mesopores of the silica. For that,
differential scanning calorimetry (DSC) and real-time variable-temperature X-ray scattering at small
angles (SAXS) were performed. Confinement was stated first by the existence of a small endotherm at
temperatures around 20 ◦C below the main melting or crystallization peak, being later confirmed by a
notable discontinuity in the intensity of the main (100) diffraction from the mesoporous silica observed
through SAXS experiments, which is related to the change in the scattering contrast before and after
the crystallization or melting of the polymer chains. Furthermore, the usual α modification of PHB
was developed in all samples. Finally, a preliminary investigation of mechanical and relaxation
parameters was carried out through dynamic–mechanical thermal analysis (DMTA). The results show,
in the temperature interval analyzed, two relaxations, named α and β (the latest related to the glass
transition) in order of decreasing temperatures, in all specimens. The role of silica as a filler is mainly
observed at temperatures higher than the glass transition. In such cases, stiffness is dependent on
SBA-15 content.

Keywords: poly(3-hydroxybutyrate) (PHB); mesoporous SBA-15 silica; composites; confinement;
thermal properties; synchrotron SAXS; DMTA

1. Introduction

There is, nowadays, a big concern about sustainability and preservation of the en-
vironment, both by demands of society and by the increasingly restrictive directives on
environmental issues. For these reasons, the use of commodity plastics, widespread for
decades, is being reduced especially for single-use applications: packaging, catering or
agriculture, among others. Moreover, an efficient recycling of these actual polymer wastes
is mandatory.

A suitable alternative for commodities is the use of biodegradable polymers, but
unfortunately, most of them have significant disadvantages, precluding their massive usage
in areas demanding great consumption.

Polyhydroxyalkanoates (PHA), which are biopolyesters of bacterial origin, are a
very remarkable biodegradable and biobased polymer family. Among them, poly(3-
hydroxybutyrate) (PHB) and their copolymers with 3-hydroxyvalerate (PHBHV) are the
best-known systems. In fact, PHB displays certain performances that are similar to those in
some commodities, showing, however, some practical deficiencies [1–4] that prevent its
full attractiveness. Thus, high manufacture prices stand out together with a low toughness
arising from its high crystallinity, embrittlement effects with time owing to secondary
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crystallization, and also a narrow processing window because of its prompt thermal degra-
dation at relatively low temperatures [5].

In order to overcome these drawbacks, several strategies have been proposed. These
approaches include the addition of nucleating or plasticizing agents (or both), a mixture
with other polymers, and the use of adequate fillers [6,7]. Concerning the latter, mesoporous
silicas are especially versatile among the wide variety of materials used as fillers, with the
added advantage of involving nanodimensions. These silicas were first disclosed by Exxon
Mobil in 1992 [8]. The Mobil Crystalline Materials No. 41, labeled commonly as MCM-41,
is characterized by showing a hexagonal arrangement with parallel one-dimensional pores
of a diameter of circa 3 nm. Years later, alternative mesoporous silicas were synthesized in
1998 at the Santa Barbara University of California. Among them, the best-known member
is the Santa Barbara Amorphous SBA-15, displaying also a hexagonal array similar to that
exhibited by MCM-41, but now the pore diameters range from around 5 to 10 nm [9]. These
silicas are, therefore, nanostructurally ordered. Moreover, they display rather interesting
properties, including their easy functionalization, so that they are being used in different
fields, like catalysis, coatings, cosmetics, diagnostics, drug delivery, gas and bio-separation,
optics and nanotechnology, among others.

Another very remarkable aspect of these materials is the fact that polymeric chains
might go inside the nanometric channels existing in the silica mesostructure, thus leading
to their confinement. This confinement has been observed in several systems [10–13],
initially detected by Differential Scanning Calorimetry (DSC). Later on, experiments of
Small Angle X-ray Scattering with synchrotron radiation (SAXS) were described as a
very useful and conclusive tool. Thus, confinement, which is dependent on polymer
molecular weight [14] and on mesoporous pore size [15], is characterized in real-time
variable-temperature SAXS measurements through a notable discontinuity in the intensity
of the primary (100) diffraction of the mesoporous silica, which is related to the change in
the scattering contrast before and after the melting of the polymer chains [16,17].

The evaluation of confinement of organic solids in glasses with controlled pores
has been an interesting issue for a long time [18,19]. The development of those crystals
with restricted dimensions can be initially described by Gibbs theories [20], which were
further adapted to small crystals in confined geometries, leading to the well-known Gibbs–
Thomson equation [21,22].

The advent of nanotechnology has led to a renewed interest in the study of confinement
effects, with the final purpose of analyzing the influence of such confined crystals on the
final bulk properties, which is especially interesting in polymeric systems [12]. In addition,
the macromolecular chains that may be partially inserted into the pores of the mesoporous
structures can be of capital importance for obtaining polymeric nanocomposites, which in
turn can influence the final performance of those polymeric systems.

The aim of the present study is the preparation and characterization of composites
based on PHB and different contents of SBA-15 silica, in order to analyze their crystalline
characteristics, the existence (or absence) of confinement of PHB chains into the pores
of the silica, and, preliminarily, their stiffness as well as relaxations characteristics. For
that, differential scanning calorimetry (DSC) and real-time variable-temperature X-ray
scattering at both small angles (SAXS) and wide angles (WAXS) were performed, with
the SAXS experiments especially suited for verifying the existence of confinement in the
composite materials. Finally, an initial estimation of values for storage modulus, as a
mechanical parameter, and of the different relaxation processes was carried out through
dynamic–mechanical thermal analysis (DMTA).

2. Materials and Methods
2.1. Materials and Chemicals

A commercially available PHB (purchased from Ercros, Barcelona, Spain) with an
MFI of about 30 g/10 min at 190 ◦C with a load of 2.16 kg, was used as polymeric matrix
in this research. SBA-15 particles were purchased from Sigma-Aldrich, St. Louis, MO,
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USA (specific surface area, SBET = 517 m2/g; total pore volume, Vt = 0.83 cm3/g; average
mesopore diameter, Dp = 6.25 nm) [23] and were used as received.

2.2. (Nano)composite and Film Preparation

Composites of PHB with different contents of SBA-15 particles (nominal amounts of
2, 4, 8 and 16% by weight) were prepared. They were labeled as PHBSBA2, PHBSBA4,
PHBSBA8 and PHBSBA16, respectively. Drying of the components was carried out prior
to their obtainment. The PHB was placed in an oven at 50 ◦C for 20 min followed by a
drying under vacuum also at 50 ◦C for 20 h. The SBA-15 particles were dried at 100 ◦C for
24 h under vacuum. After this drying stage, the protocol followed was: a suitable content
of SBA-15 silica was dispersed in chloroform at the same time that a PHB/chloroform
solution (6 wt.% in PHB) was prepared. Both dispersion and solution were stirred for 18 h
at room temperature. Afterward, the dispersion containing the silica particles was added
to the PHB/chloroform solution. This PHB/silica/chloroform dispersion was stirred for a
further 6 h at room temperature before it was poured into Petri dishes and dried at room
temperature for 48 h. The resultant composite films were additionally dried in a vacuum
oven at 85 ◦C for 2 h. A sample of neat PHB was also prepared with that same protocol.

These materials were subsequently processed by compression molding in a hot plate
Collin press, New York, NY, USA. Initially, the material was maintained at a temperature
of 200 ◦C, firstly without pressure for 2 min and, later, under a pressure of 30 bar for
4 min. Afterward, a cooling process at a relatively rapid rate of around 80 ◦C/min and
at a pressure of 30 bar was applied to the different composites from their molten state to
room temperature.

2.3. Transmission Electron Microscopy

Measurements were performed at room temperature in a 200 kV JEM-2100 JEOL
microscope (Tokyo, Japan). The particles were dispersed in acetone in an ultrasonic bath
for 5 min and then deposited in a holder prior to observation.

2.4. Scanning Electron Microscopy

Images of scanning electron microscopy (SEM) were attained in a Philips XL30 mi-
croscope (Amsterdam, The Netherlands). The samples were coated with a layer of 80:20
Au/Pd alloy and deposited in a holder before visualization.

2.5. Thermogravimetric Analysis

Thermogravimetric analyses (TGA) were carried out using TGA 2 equipment from
METTLER TOLEDO (Columbus, OH, USA) at a heating rate of 10 ◦C/min under a nitrogen
atmosphere. From these experiments, both the degradation behavior of the different sam-
ples and the particular SBA-15 amount incorporated into the composites during extrusion
were estimated.

2.6. Differential Scanning Calorimetry

Calorimetric experiments were performed in a TA Instruments Q100 calorimeter con-
nected (New Castle, DE, USA) to a cooling system and calibrated with different standards.
The sample weights were around 3 mg. A heating–cooling–heating cycle was used, with
a scanning rate of 20 ◦C/min in the temperature range from −50 to 200 ◦C. The crys-
tallinity was estimated by considering a melting enthalpy of the 100% crystalline PHB of
146 J/g [24].

2.7. X-ray Experiments with Synchrotron Radiation

Simultaneous real-time variable-temperature SAXS/WAXS experiments were carried
out with synchrotron radiation in beamline BL11-NCD-SWEET at ALBA (Cerdanyola del
Vallès, Barcelona, Spain) at a fixed wavelength of 0.1 nm. A Pilatus detector was used for
SAXS (off beam, at a distance of 294 cm from the sample) and a Rayonix one for WAXS
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(at about 12 cm from the sample, and a tilt angle of around 29 degrees). A Linkam Unit,
connected to a cooling system of liquid nitrogen, was employed for the temperature control.
The calibration of spacings was obtained by means of silver behenate and Cr2O3 standards.
The initial 2D X-ray images were converted into 1D diffractograms, as a function of the
inverse scattering vector, s = 1/d = 2 sin θ/λ, by means of pyFAI python code (ESRF),
modified by ALBA beamline staff. Film samples of around 5 mm × 5 mm × 0.2 mm were
used in the synchrotron analysis.

2.8. Dynamic Mechanical Thermal Analysis (DMTA)

Dynamic Mechanical Thermal Analyses were carried out in a TA Q800 Dynamic
Mechanical Thermal Analyzer (New Castle, DE, USA), working in a tensile mode. The
storage modulus, E′, loss modulus, E′′, and the loss tangent, tan δ, of PHB and its composites
with SBA-15 were determined as functions of temperature over the range from −55 to
170 ◦C, at fixed frequencies of 0.5, 1, 3 and 10 Hz, and at a heating rate of 1.5 C/min. Strips
of 2.2 mm wide and 15 mm long, cut from the compressed-molded films, were used for
this analysis. Composite PHBSBA16 was not possible to analyze, since it is too rigid and
fragile. The viscoelastic relaxations were determined from these studies. A smoothing
function using an FFT filter with three points was applied to the loss modulus curves at
different frequencies.

3. Results and Discussion
3.1. Morphological Characteristics

Figure 1a displays the TEM micrograph of the SBA-15 particles used for preparing
the composites. This picture allows observation of the interior of particles, showing the
existence of their ordered arrangements in a hexagonal morphology as well as the long
parallel channels that constitute that particular ordering.
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Figure 1. TEM micrographs of SBA-15 particles, dispersed in acetone and further deposited in a
holder (a). SEM pictures at fracture surface for different composites: PHBSBA4 (b), PHBSBA8 (c),
and PHBSBA16 (d).
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SEM pictures at fracture surfaces of different composites are depicted in Figure 1b–d.
The average size of an individual SBA-15 particle is around 350 nm wide and 0.9 µm
long [13]. Accordingly, a suitable dispersion of SBA-15 particles was obtained within the
PHB matrix since there is no observation of detectable bulky inorganic domains across the
materials at the different mesoporous silica contents. These results seem to indicate that
the preparation protocol followed has allowed a rather good contact at interfaces between
silica particles and the PHB chains. On the other hand, a change is also noted in the PHB
surface, from relatively ductile to rather fragile as the amount of SBA-15 in the composites
increases. This fact is deduced from the differences in the fracture surface. This is rather
continuous in the PHBSBA4 composite while it becomes coarser in the PHBSBA8 material
and even more in the PHBSBA16 one. The appearance of coarseness in the fracture surface
is characteristic of fragility. This fragility will be further discussed.

3.2. Thermal Stability

The TGA curves, under a nitrogen environment, for the different samples are shown in
Figure 2a. These curves indicate that a single primary stage is present in the decomposition
of all the specimens, with an inflection point of about 290 ◦C. Furthermore, they also display
a final inert residue, which allows determining the actual SBA-15 content in the samples.
This content is collected in Table 1, compared with the nominal values.
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Figure 2. TGA (a) and DTGA (b) curves under nitrogen for PHB and its composites with SBA-15.
The amplified inset in (a) reflects the content in SBA-15 of the composites.

Table 1. TGA results under nitrogen for PHB and its composites, prepared by melt extrusion: SBA-15
content (determined at 650 ◦C) and temperature at the maximum in the DTGA curves (Tmax

DTGA).

Specimen
SBA-15 Content (wt.%)

Tmax
DTGA (◦C)

Nominal From TGA

PHB 0 0 283.2
PHBSBA2 2 2.1 287.2
PHBSBA4 4 3.9 292.8
PHBSBA8 8 7.8 285.8
PHBSBA16 16 15.6 284.3
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Moreover, the DTGA curves, depicted in Figure 2b, are characteristic of that single
decomposition stage, and the corresponding values of Tmax are deduced from them, being
also collected in Table 1. These values are close to others reported before in the literature [1].

Although mesoporous silicas were also used, sometimes, as catalysts for thermal
decomposition [25,26], however the results in Figure 2 and Table 1 indicate a slightly
higher thermal stability in the composites. In fact, the value of Tmax

DTGA increases first
in composites PHBSBA2 and PHBSBA4, then decreases for the other two composites,
although the values of Tmax

DTGA are always higher than the ones for neat PHB. This is
a behavior found in some polymer composites: a certain property may display better
performance than the neat polymer at low filler contents, but when the content increases,
at some point the property begins to weaken somewhat, probably due to the formation of
some aggregates that are hindered at smaller filler amounts.

3.3. DSC Studies: Phase Transitions and Confinement of PHB Chains

DSC experiments were used, first, to determine the different phase transitions. Thus,
Figure 3 shows the DSC heating curves obtained in PHB and its composites with SBA-15
during the first melting at 20 ◦C/min. Two clear temperature intervals are observed: a
main melting endotherm, at around 166 ◦C for the neat PHB with slightly higher values
for the composites, and a second interval at lower temperatures (between around 130 and
155 ◦C). No features are observed for neat PHB in this inferior interval, but one or two small
melting endotherms are observed in the composites, involving an enthalpy that increases
with the SBA-15 content, as observed in the amplified inset.
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Figure 3. DSC heating curves (endo up) for PHB and its composites with SBA-15 in the first melting
at 20 ◦C/min. The inset shows the amplification in the region of the melting of confined crystals
of PHB.

These small endotherms are attributed, eventually, to the melting of the PHB crystal-
lites that are confined inside the pores of SBA-15. Since these crystallites shall be much
thinner than the ones outside of the mesoporous silica particles, their melting temperature
is going to be then considerably lower than that of the PHB crystals outside the channels.
The reason for that is found when considering the Gibbs–Thomson equation, mentioned
above. Thus, a simplified equation can be considered [27–29] in the case of “regular” lamel-
lar crystals, but a more general form [30,31] is required for the thinner crystallites confined
in the mesoporous silica channels, which are supposed to present very low values in their
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lateral size, restricted by the pore diameter. Consequently, significantly depressed melting
temperatures shall be exhibited by those confined crystals.

Moreover, it seems obvious that the more SBA-15 silica is present in the composites,
the more channels will be available for confinement, and, therefore, the enthalpy involved
in the melting of these confined crystallites will increase. Regarding the fact that two
components seem to be observed in the melting of the confined crystallites, we will come
back below to this issue.

Figure 4 shows the DSC curves for PHB and its composites in the subsequent cooling
from the melt (at 20 ◦C/min). It is important to emphasize at this point that the PHB
samples do not crystallize on cooling from the melt at regular DSC rates in most of the
published works, most probably because the molecular weight is too high, and only in
a few cases [1,32] that crystallization is readily observed, as it happens with the present
PHB matrix. Thus, the main crystallization exotherm can be seen in neat PHB with a peak
crystallization temperature, Tc, of around 115 ◦C, and for the composites (similarly to the
behavior of Tmax

DTGA) there is an initial increase on passing from PHB to PHBSBA2, PHB-
SBA4 and PHBSBA8, decreasing then for PHBSBA16. But in all cases Tc of the composites
is higher than the one for PHB, indicating a certain nucleating effect of the mesoporous
silica. At lower temperatures, and similarly to the first melting, there is a region with small
exotherms, whose enthalpy increases as the SBA-15 content increases. But now it appears
to be a single component in these exotherms, as observed in the amplified inset of Figure 4.
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Figure 4. DSC curves (exo down) for PHB and its composites with SBA-15 in the cooling from the melt
at 20 ◦C/min. The inset shows the amplification in the region of the crystallization of confined PHB.

The DSC heating curves in the subsequent second melting at 20 ◦C/min are presented
in Figure 5. The behavior is rather similar to that in the first melting, with the eventual
small melting endotherms arising from confined crystals showing also two components.
Having taken into account that there is a single component in the confined crystallization,
our tentative explanation for the two components of melting is that one of them arises from
the confined crystals formed on cooling, while the second component is attributed to a
confined recrystallization during melting.

Variation with the SBA-15 content of the different thermal transitions observed in
Figures 3–5 is represented in Figure 6 for PHB and its composites. The differences among
samples are almost not significant, although an increase in passing from PHB to the com-
posites is usually observed, more evident at low SBA-15 amounts. More clear differences
are deduced for the values of Tg (not shown in Figures 3–5) where a significant increase
from neat PHB to the composites is well evident.
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Figure 5. DSC heating curves (endo up) for PHB and its composites with SBA-15 in the second
melting at 20 ◦C/min. The inset shows the amplification in the region of the melting of confined
crystals of PHB.
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with this mesoporous silica: top: Tm for the first and second meltings for both the main endotherm
and the confined component; middle: Tc for the cooling from the melt for both the main exotherm
and the confined component; bottom: Tg for the second melting.

Regarding the values of the enthalpies involved, Figure 7 shows the variation with the
SBA-15 content for different parameters in the PHB and its composites both the enthalpy
for the confined component and the total enthalpy, for the different DSC ramps, and
normalized to the actual PHB content in the specimen. It can be observed that the total
enthalpy first increases with the SBA-15 content, and then reduces at the higher silica
contents. The enthalpy for the confined components, however, increases markedly with the
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SBA-15 content (top frame in Figure 7), in such a way that the percentage of that enthalpy
over the total one reaches values as considerable as 12–13%. Obviously, that increase shall
be a consequence of the more total volume of silica channels available for the confinement
of PHB chains as SBA-15 content increases.

The values indicated in the right axis of Figure 7 represent the corresponding percent-
age of crystallinity, xc, estimated by considering a melting enthalpy of the 100% crystalline
PHB of 146 J/g [24]. As observed, a total crystallinity of around 58–62% is deduced, and
the crystallinity involved in the confined crystal reaches values as high as around 6–8%.
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Figure 7. Variation with the SBA-15 content of different parameters for PHB and its composites
with this mesoporous silica: top: enthalpy for the confined component for the indicated DSC ramps;
middle: total enthalpy for the indicated DSC ramps; bottom: percentage of the enthalpy of the
confined components over the total values. All enthalpies were normalized to the actual PHB content
in the specimen. The corresponding degree of crystallinity is indicated in the right axes.

3.4. X-ray Experiments with Synchrotron Radiation

As mentioned above, SAXS experiments turned out a very useful and conclusive
tool for analyzing the confinement in composites where mesoporous SBA-15 or MCM-41
particles were involved, independently of the nature of the polymeric matrix, since the
intensity of the main (100) diffraction of the mesoporous silica shows a notable discontinuity.
Therefore, synchrotron X-ray experiments were performed on selected samples. Firstly,
Figure 8 shows the room-temperature WAXS diffractograms for neat PHB, displaying the
profile of the initial compressed-molded specimen and that after cooling from the melt at
20 ◦C/min. In both cases, the usual α modification of PHB is observed [6,24,33,34], with the
two main diffractions corresponding to planes (020) and (110). Moreover, the diffractions
corresponding to the sample crystallized from the melt at 20 ◦C/min are slightly narrower
than those of the initial compression-molded specimen, indicative of more perfect crystals
in the former.
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Figure 8. Room-temperature synchrotron WAXS diffractograms for neat PHB, showing the profile of
the initial compressed-molded specimen and that after cooling from the melt at 20 ◦C/min.

Figure 9 represents the Lorentz-corrected SAXS profiles for composite PHBSBA8
during the first melting, the cooling from the melt, and the subsequent second melting. In
the selected region, two features are clearly observed: first, the prominent (100) diffraction
of SBA-15 [8,9,12], and second, the wide long spacing peak from the PHB crystals, which
appears overlapped to the SBA-15 signal.
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Figure 9. Lorentz-corrected SAXS profiles for composite PHBSBA8 during the first melting at
20 ◦C/min (top), the cooling from the melt at 20 ◦C/min (middle), and the subsequent second
melting (bottom). Only one out of every two frames is plotted, for clarity.
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The amplification of the SBA-15 main reflection is rather informative, as observed in
Figure 10. Focusing the attention on the first melting (top frame in Figure 10), it is seen that
after an initial rather constant intensity of the SBA-15 diffraction, there is a pronounced
increase centered at around 144 ◦C (blue diffractogram), and a much smaller change
at around 170 ◦C (red diffractogram). Compared with the DSC results, these changes
correspond to the melting of the confined crystals and to the main melting, respectively,
but now the rather relevant issue is that confinement is much better observed than the total
melting, contrary to the case in the DSC results.
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Figure 10. Lorentz-corrected SAXS profiles for composite PHBSBA8, showing the amplified re-
gion of the SBA-15 main reflection, during the first melting (top plot), the cooling from the melt
(middle plot), and the subsequent second melting (bottom plot). The blue and red highlighted
frames correspond to the events (crystallization or melting) arising from the confined component and
the main one, respectively.

Similar arguments apply for the cooling from the melt (middle representation in
Figure 10) and for the second melting (lower plot in Figure 10), where the decrease in the
cooling and the increase in the heating are much greater for confinement than for main
crystallization or main melting.

As mentioned above, these variations in the intensity of SBA-15 diffraction depend
on the scattering contrast between the walls and the inside of the SBA-15 channels before
and after the melting of the confined polymer chains (and also, evidently, on the amount of
pore filling).

The quantification of the results in Figure 10 regarding the intensity of the main
SBA-15 diffraction is represented in Figure 11, showing, in the upper frame, the variation
with temperature of that intensity in composite PHBSBA8 during the first melting (f20ini),
cooling (c20) and second melting (f20c20) processes, and compared with the corresponding
DSC curves (lower plot). The concordance of the transition temperatures for the different
events, indicated by the straight lines, is excellent among the two techniques. Moreover,
it is well evident that confinement is much better observed through the variation of the
intensity of the SBA-15 peak.
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Figure 11. Variation with temperature of the intensity of the main SBA-15 diffraction in composite
PHBSBA8 (upper) during the first melting (f20ini) (black arrow), cooling (c20) (red arrow) and second
melting (f20c20) (blue arrow) processes, compared with the corresponding DSC curves (lower). The
straight lines indicate the different thermal events.

3.5. Dynamic Mechanical Thermal Analysis (DMTA) Experiments

Figure 12 shows the variation in temperature of storage modulus, E′, loss modulus,
E′′, and tan δ curves (at 3 Hz) for PHB and its composites with SBA-15. Two relaxations,
named α and β in order of decreasing temperatures are observed in the E′′ and tan δ curves.
Sample PHBSBA16 was too brittle and could not be analyzed by DMTA.
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Figure 12. Variation with temperature of storage modulus, E′, loss modulus, E′′, and tan δ curves (at
3 Hz) for PHB and its composites with SBA-15.
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There have been different studies about the relaxation behavior in PHB. Some of them
are based on DMTA measurements [1,35], and others refer to electrical analysis [36,37] or
piezoelectricity [38,39]. Another relaxation was reported at temperatures lower than those
analyzed here. That lowest-temperature relaxation, designated as γ, was attributed by
some authors [35] to the water absorbed in PHB, but more recent works [36,37] are in favor
of associating its origin to motions of the ester groups, as it happens in other polyesters.

Regarding the here named β relaxation, there is clear consensus being ascribed to the
glass transition [1,35], while the one located at the highest temperature, the α relaxation,
is attributed to movement within the crystalline regions as they become soft due to their
partial melting.

The variation with the SBA-15 content, for PHB and its composites, of the temperature
location of the α and β relaxations (E′′ basis at 3 Hz) is shown in Figure 13a. It can be
observed that the temperature for the α relaxation increases with the silica content, while
that for the β relaxation (the glass transition) decreases. This behavior is different from
the one deduced from the DSC experiments, although values reported in Figure 6 (bottom
frame) correspond to the ones derived from the melting after crystallization at 20 ◦C/min
and not to the initial films. This discrepancy could be associated with differences in the
residual secondary crystallization (which is a detrimental characteristic in the PHB polymer)
between the pure matrix and the distinct composites. Specimens for DMTA have remained
at a certain time at room temperature before these measurements were performed. Thus,
the secondary crystallization of PHB chains could take place, occurring at a higher extent
in the pristine polymer than in the composites, pointing out another positive role of the
presence of mesoporous SBA-15 particles. Nevertheless, determination by DSC in the
second heating process does not show any change in the crystalline regions, so mobility
within the amorphous phase does not allow further cold crystallization. On the other
hand, the β process, ascribed to the glass transition, is located in the DMTA experiments at
considerably higher temperatures than that obtained from the DSC ones, as usual [40,41].
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Figure 13b shows the variation in the silica content of the values of storage modulus at
two different representative temperatures. Ideally, the best temperature to consider is 25 ◦C
(ambient conditions) but, as observed in Figure 12, this temperature lies in the middle of the
β relaxation (Tg), which is not convenient. Thus, the following representative temperatures
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were chosen: 75 ◦C: in between Tβ and Tα, and 150 ◦C: above Tα. It can be observed that
at these two temperatures (both above Tg) the rigidity increases with the SBA-15 content.
The reinforcement role of silica is mainly played as the polymeric matrix is softened, and
values of storage moduli increase as the SBA-15 content does.

4. Conclusions

Several composites based on poly(3-hydroxybutyrate) (PHB) and mesoporous SBA-15
silica were prepared by solvent-casting, followed by compression molding. The thermal
properties and crystalline details of these composites were studied, paying special attention
to the confinement of polymeric chains of PHB into the pores of the silica.

TGA measurements, under nitrogen, allow determining the actual SBA-15 content in
the samples and also indicate slightly higher thermal stability in the composites. In fact, the
value of Tmax

DTGA increases first in composites PHBSBA2 and PHBSBA4, then decreases
for the other two composites, although the values of Tmax

DTGA are always higher than the
ones for neat PHB.

Confinement was analyzed first by DSC and it was confirmed by SAXS experiments,
which show a notable discontinuity in the intensity of the first-order (100) diffraction of the
mesoporous silica. The rather relevant issue is that in the DSC results the exo- or endotherm
related to confinement is much smaller than the main peaks, while in the SAXS results the
variation of the intensity of the silica diffraction is considerably higher for confinement
than for the total melting or crystallization.

In addition, WAXS diffractograms indicate that the usual α modification of PHB is
observed in all samples, either neat PHB or its composites.

DMTA results show, in the temperature interval analyzed, two relaxations, named α

and β in order of decreasing temperatures, in all specimens. Sample PHBSBA16 is too brittle
and cannot be analyzed by DMTA. The temperature for the α relaxation increases with the
silica content, while that for the β relaxation (the glass transition) decreases. The role of
silica as a filler is mainly observed at temperatures higher than the relaxation mechanism
ascribed to generalized motions within the amorphous regions, i.e., the glass transition. In
such cases, stiffness is dependent on SBA-15 content.
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Abstract: In this work, we focused on the bioactivity and antibacterial behavior of PLA-based
electrospun fibers, efibers, reinforced with both MgO and Mg(OH)2 nanoparticles, NPs. The evolution
of PLA-based efibers was followed in terms of morphology, FTIR, XRD, and visual appearance. The
bioactivity was discussed in terms of hydroxyapatite growth after 28 days, considered as T28, of
immersion in simulated body fluid, SBF. In particular, the biomineralization process evidenced after
immersion in SBF started at T14 in both systems. The number of precipitated crystals increased by
increasing the amount of both NPs. The chemical composition of the precipitated crystals was also
characterized in terms of the Ca/P molar ratio after T28 of immersion in SBF, indicating the presence
of hydroxyapatite on the surface of both reinforced efibers. Moreover, a reduction in the average
diameter of the PLA-based efibers was observed, reaching a maximum reduction of 46 and 60% in
the average diameter of neat PLA and PLA:OLA efibers, respectively, after 28 days of immersion
in SBF. The antibacterial behavior of the MgO and Mg(OH)2 NPs in the PLA-based electrospun
fibers was tested against Escherichia coli, E. coli, as the Gram-negative bacteria, and Staphylococcus
aureus, S. aureus, as the Gram-positive bacteria, obtaining the best antibacterial activity against the
Gram-negative bacteria E. coli of 21 ± 2% and 34 ± 6% for the highest concentration of MgO and
Mg(OH)2 NPs, respectively.

Keywords: electrospinning; polylactic acid; antibacterial properties; bioactivity; MgO NPs; Mg(OH)2 NPs

1. Introduction

For the regeneration of tissues, biomaterials are required to treat damaged body areas.
Ideally, biomaterials for tissue regeneration should display three main properties. The first
is the ability to degrade under physiological conditions while remaining safe for human
bodies [1]. The second is to resemble the mechanical properties associated with human
tissue in terms of elastic modulus, tensile strength, and elongation at break [2]. Finally,
biomaterials should display bioactivity, i.e., the ability to properly adapt to the biological
environment, designed to stimulate appropriate cellular and tissue responses [3]. This
could be achieved by the development of materials based on a polymeric nanocomposite [4].
In particular, combinations of biodegradable polymers and functional nanoparticles, NPs,
offer numerous opportunities for improving mechanical properties and bioactivity.

Nanocomposite biomaterials can be processed by numerous techniques, such as
solvent casting [5], 3D printing [6], or electrospinning [7]. In particular, the electrospinning
technique obtains electrospun fibers, efibers, with a high surface area ratio, which properly
recreates the extracellular matrix, enhancing the bioactivity of biomaterials. Among the
biodegradable polymers used in electrospinning, poly(lactic acid), PLA, has been widely
investigated for tissue engineering due to its biodegradability into non-toxic products

Polymers 2024, 16, 1727. https://doi.org/10.3390/polym16121727 https://www.mdpi.com/journal/polymers207



Polymers 2024, 16, 1727

under physiological conditions [8]. Additionally, the mechanical properties of PLA efibers
can be enhanced by the addition of both organic and inorganic NPs, improving their elastic
modulus, tensile strength, or elongation at break [9,10]. However, among the inorganic
NPs, few studies have investigated the use of Mg-based NPs to enhance the bioactivity of
electrospun biomaterials [1].

Magnesium, Mg, is a biocompatible metal that is already present in the human body in
a concentration of 0.4 g of Mg·kg−1 [11]. Beyond their cooperative role with hydroxyapatite,
HA, in maintaining bone health [12], Mg ions play an important role in mediating the
functions of all cells in the body. In particular, Mg ions participate in cell functions such as
attachment, proliferation, and migration [11,12]. Thus, the use of Mg in tissue engineering
could potentially improve the bioactivity of nanocomposite biomaterials.

Among the Mg-based NPs available, magnesium oxide, MgO, and magnesium hy-
droxide, Mg(OH)2, NPs were used in our work because of their biocompatibility [13,14].
Furthermore, both MgO and Mg(OH)2 NPs show antimicrobial activity against bacteria,
which can potentially reduce infections [15,16]. Many inorganic oxide NPs such as zinc
oxide, ZnO, or titanium oxide, TiO2, NPs have shown antimicrobial properties against a
broad spectrum of microorganisms [17]. However, these NPs cause significant concerns
considering their toxicity due to the risks associated with heavy metal elements and their
accumulation in the body [18].

In contrast, MgO and Mg(OH)2 NPs are considered an alternative to heavy metal
oxide NPs because they can be efficiently degraded and metabolized inside the body, with
Mg2+ and OH- ions as final degradation products [13]. In addition, MgO and Mg(OH)2
NPs can enhance the mechanical properties of polymer efibers in terms of elastic modulus,
tensile strength, or elongation at break [19]. Thus, some studies have recently been con-
ducted investigating the addition of Mg-based NPs into polymer efibers for use in different
fields such as environmental applications [20], energetic devices [21], or biomedical appli-
cations [22]. However, very few works involve the use of both MgO and Mg(OH)2 NPs in
PLA efibers. In particular, on the one hand, Canales et al. [23]. added MgO nanoparticles
at 10 and 20 wt%, comparing them with bioglass nanoparticles and a mix of both NPs,
resulting in a 10 and 20 wt% of their final concentration with respect to the neat PLA matrix.
They focused their attention on bone tissue regeneration, also studying cell viability for
biomedical applications. They did not use plasticizer, and they did not take into account
Mg(OH)2 nanoparticles. On the other hand, Salaris et al. [24] reported a comparative study
of both NPs but in another matrix, such as Poly(ε-caprolactone) PCL, electrospun-fiber mats,
observing the presence of monocalcium phosphate, dicalcium phosphate, and tricalcium
phosphate, obtaining very low Ca/P values.

In this work, we focused on the bioactivity and antibacterial behavior of PLA-based
efibers with both MgO and Mg(OH)2 NPs, comparing the results. The bioactivity will be
discussed in terms of HA growth after 28 days of immersion in simulated body fluid, SBF,
by analyzing the Ca/P ratio, SEM, and XRD results [25]. The antibacterial behavior of
MgO and Mg(OH)2 NPs in PLA-based efibers was tested against Escherichia coli, E. coli,
as Gram-negative bacteria, and Staphylococcus aureus, S. aureus, as Gram-positive bacteria,
considering potential biomedical applications.

2. Materials and Methods

Poly(lactic acid) (PLA3051D, 3% of D-lactic acid monomer, molecular weight of
14.2 × 104 g·mol−1, density of 1.24 g·cm−3) was supplied by NatureWorks®, Minneapolis,
MN, USA. Lactic acid oligomer (Glyplast OLA8, ester content > 99%, density of 1.11 g·cm−3,
viscosity of 22.5 mPa·s, molecular weight of 1100 g·mol−1) was kindly supplied by Con-
densia Quimica SA, Barcelona, Spain. Magnesium oxide nanoparticles (MgO NPs, average
particle size of 20 nm, 99.9% purity, molecular weight of 40.30 g·mol−1) and magnesium
hydroxide nanoparticles (Mg(OH)2 NPs, average particle size of 10 nm, 99.9% purity, den-
sity of 2.34 g·cm−3, molecular weight of 58.32 g·mol−1) were supplied by Nanoshel LLC,
Willmington, IL, USA.
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Each solution was prepared following the process described in our previous work [26].
In particular, PLA pellets were previously dried in an oven overnight at 60 ◦C. The polymer
solutions were used at a final concentration of 10 wt% in CHCl3:DMF (4:1). Both NPs were
added at different concentrations with respect to the PLA matrix, such as 0.5, 1, 5, 10, 15,
and 20 wt%. The different amounts of NPs were dispersed using a tip sonicator (Sonic
Vibra-Cell VCX 750, Sonics & Materials, Newton, CT, USA), operating at 750 watts and an
amplitude of 20% for 3 h. Once the different solutions were obtained, electrospun fiber
mats were prepared in an Electrospinner Y-flow 2.2.D-XXX (Nanotechnology Solutions),
following our previously described method [27].

The bioactivity of PLA-based electrospun fiber mats was studied by immersing a
square of 1 cm2 of each PLA-based electrospun fiber system in simulated body fluid (SBF)
for 28 days at 37 ± 1 ◦C to study the bioactivity at different immersion times, named T0,
indicating the sample prior to immersion; T14, indicating the samples after 14 days of
immersion; and T28, indicating the samples after 28 days of immersion in SBF. The SBF
solution was prepared by following the protocol described by Kokubo et al. [25]. The
extraction days are named Tx, where x indicates the number of the corresponding day.
The as-obtained electrospun mats are considered as time 0, T0, and are used as references.
The samples were carefully washed with water and dried under vacuum for two weeks
before characterization.

The antibacterial behavior of PLA-based electrospun fibers was studied against Ameri-
can Type Culture Collection (ATCC): Escherichia coli (E. coli, ATCC 25922), as Gram-negative
bacteria, and Staphylococcus aureus (S. aureus, ATCC 29213), as Gram-positive bacteria,
obtained from OxoidTM. Microorganisms were incubated for 24 h at 37 ◦C. The optical
density of the microorganism suspensions was measured in McFarland units, propor-
tional to microorganism concentration, using a DEN-1B densitometer (Biosan, Madrid,
Spain). The bacteria suspensions of about 108 colony-forming units (CFU) were prepared
by adjusting the concentration with saline solution to a McFarland turbidity standard of
ca. 0.5. A suspension of ca. 5 × 103 CFU·mL−1 for each bacteria was finally obtained
by further dilution with PBS. The antibacterial behavior of PLA-based electrospun fibers
was determined following the E2149-20 standard method of the American Society for
Testing and Materials [28]. Each sample was placed in a sterile falcon tube, and then the
bacterial suspension was added. Falcon tubes containing only the inoculum were prepared
as control experiments. The samples were shaken at 37 ◦C at 150 rpm for 24 h. Bacterial
concentrations at time 0 and after 24 h were calculated using the counting method. Each
sample was measured and counted at least twice.

Scanning electron microscopy, SEM, (PHILIPS XL30 Scanning Electron Microscope,
Phillips, Eindhoven, The Netherlands) was used to study the morphology and the diameters
of the efibers. The images are shown at ×8000 magnification, with a scale of 2 µm, 25.0 kV,
and a spot size 3.0. All the samples were previously gold-coated (~5 nm thickness) in
a Polaron SC7640 Auto/Manual Sputter Coater (Polaron, Newhaven, East Sussex, UK).
The diameters were calculated as the average value of 30 random measurements for each
sample using ImageJ 1.51k software. Energy-dispersive X-ray spectroscopy, EDX, analyses
were carried out in a FE-SEM Hitachi SU 8000 (Hitachi, Tokyo, Japan) device with a Bruker
XFlash Detector 5030 operating at 15 Kv.

Attenuated total reflectance-Fourier transform infrared spectroscopy (ATR-FTIR) mea-
surements were conducted using a Spectrum One FTIR spectrometer (Perkin Elmer in-
struments, Shelton CT, USA). Spectra were obtained in the 4000–400 cm−1 region at room
temperature in transmission mode, with a resolution of 4 cm−1 and an accumulation of
16 scans.

XRD measurements were performed using a Bruker D8 Advance instrument (Bruker,
Billerica, MA, USA) with a CuK as the source (0.154 nm) and a Detector Vantec1 detector.
The scanning range was 5◦ and 60◦, and the step size and count time per step were 0.023851◦

and 0.5 s, respectively.
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The results were statistically analyzed by one-way analysis of variance (ANOVA)
and Tukey’s test, with a 95% confidence level, using the statistical computer package
Statgraphics Centurion XVII v16.01 (Statpoint Technologies, Inc., Warrenton, VA, USA) [9].

3. Results

First of all, neat PLA electrospun fiber mats, as well as plasticized PLA:OLA electro-
spun fiber mats, were successfully obtained. Moreover, different concentrations of MgO
and Mg(OH)2 NPs, such as 0,5, 1, 5, 10, 15, and 20 wt%, were added to the polymeric solu-
tion, obtaining reinforced electrospun systems based on plasticized PLA. In this work, we
focus on their bioactivity and antimicrobial response, comparing both systems. Therefore,
in order to study the bioactivity of PLA-based efibers in terms of hydroxyapatite growth,
SEM images of neat PLA, PLA:OLA, and PLA-based efibers with MgO and Mg(OH)2 NPs
at T0, and after 14 and 28 days of immersion in SBF, are shown in Figure 1, Figure 2, and
Figure 3, respectively.
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Figure 1. SEM images of PLA and PLA:OLA efibers in SBF at T0, T14, and T28.

As can be seen, the different efibers obtained by the electrospinning technique showed
a 3D scaffold structure, with highly interconnected porosity. Both neat PLA and PLA:OLA
efibers, our polymeric matrices at T0, showed smooth and regular surfaces, without the
presence of beads. On the other hand, PLA:OLA-MgO and PLA:OLA-Mg(OH)2 efibers
showed some beads as the amount of NPs increased from 5 wt%, due to the presence of
NP agglomeration.

In order to better visualize the fiber size distribution, in Figure 4, the diameter distribu-
tion of PLA and PLA:OLA efibers, as well as the different MgO and Mg(OH)2 electrospun
nanocomposites at T0, is reported, while the evolution of the average diameter at the
different immersion times is reported in Figure 5.
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Figure 5. Average diameter evolution of PLA-based efibers in SBF at T0, T14, and T28 of (a) PLA:OLA-
MgO and (b) PLA:OLA-Mg(OH)2 efibers.

The biomineralization process, indicated by the presence of precipitated crystals on
the surface of PLA-based efibers, started after 14 days of immersion in SBF in all PLA-based
efibers, and continued until 28 days. In addition, it is worth noting that the immersion
in SBF media affected the surface and morphologies of PLA-based efibers. Moreover, the
amount of precipitated crystals increased by increasing the amount of both NPs, as can
be observed in Figures 2 and 3. In particular, for the PLA:OLA-MgO efibers, the presence
of precipitated crystals started after 14 days of immersion in SBF, being more abundant
after 28 days for PLA:OLA-MgO efibers, with NPs in the range of 5–20 wt%. On the other
hand, in the PLA:OLA-Mg(OH)2 efibers, the precipitated crystals are clearly observed after
28 days in all the ranges of NP concentrations studied. The addition of both types of NPs, as
well as the biomineralization process after immersion in SBF, affect the diameter evolution
of PLA-based efibers, as can be observed in Figure 5 and as summarized in Table 1.
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Table 1. Percentage of average diameter reduction (%D Reduction) for PLA, PLA-OLA, PLA:OLA-MgO,
and PLA:OLA-Mg(OH)2 efibers after immersion in SBF.

Sample
%D Reduction

T14 T28

PLA 41 46
PLA:OLA 56 60

MgO 0.5 wt% 25 37
MgO 1 wt% 11 12
MgO 5 wt% 5 19

MgO 10 wt% 2 17
MgO 15 wt% 13 18
MgO 20 wt% 9 25

Mg(OH)2 0.5 wt% 10 23
Mg(OH)2 1 wt% 17 52
Mg(OH)2 5 wt% 24 29

Mg(OH)2 10 wt% 3 42
Mg(OH)2 15 wt% 1 30
Mg(OH)2 20 wt% 12 26

Simultaneously with the biomineralization process, a reduction in the average diame-
ter of PLA-based efibers was observed, reported in Figure 5 and summarized in Table 1
in term of percentage of average diameter reduction (%D Reduction). In particular, after
28 days of immersion in SBF, a reduction of 46 and 60% in the average diameter of neat
PLA and PLA:OLA efibers, respectively, was calculated. For PLA:OLA-MgO 0.5, 1, 5, 10,
15, and 20 wt% efibers, this reduction was noted as 37, 12, 19, 17, 18 and 25%, and for
PLA:OLA-Mg(OH)2 0.5, 1, 5, 10, 15, and 20 wt% efibers, it was 23, 52, 29, 42, 30, and 26%,
respectively. This average diameter reduction indicated the simultaneous degradation of
efibers under SBF conditions. This degradation in aqueous media is widely reported in the
literature, indicating the breaking of polymeric chains by hydrolytic degradation [8].

The precipitated crystals on the surface of PLA-based efibers were characterized by
EDX analysis. The chemical composition was analyzed, and the Ca/P molar ratio was
calculated after 28 days of immersion in SBF for all efibers, as summarized in Table 2. In
addition, for a better comparison, the Ca/P ratios of HA from different natural sources and
different calcium phosphates are summarized in Tables 3 and 4, respectively.

Table 2. Ca/P ratios of precipitated crystals in neat PLA, PLA-OLA, PLA:OLA-MgO, and
PLA:OLA-Mg(OH)2 efibers.

Sample
Ca/P Ratio

T28

PLA 3.33
PLA:OLA 2.83

MgO 0.5 wt% 1.5
MgO 1 wt% 1.66
MgO 5 wt% 1.73
MgO 10 wt% 1.4
MgO 15 wt% 1.5
MgO 20 wt% 1.33

Mg(OH)2 0.5 wt% 1.26
Mg(OH)2 5 wt% 1.25

Mg(OH)2 10 wt% 1.6
Mg(OH)2 15 wt% 1.5
Mg(OH)2 20 wt% 1.5

The precipitated crystals on the surface of neat PLA and PLA:OLA showed a Ca/P
ratio of 3.33 and 2.83, respectively, which is not consistent with any calcium phosphates
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summarized in Tables 2 and 3. However, this Ca/P ratio is described in the literature as
carbonate apatite, if the hydroxyapatite is not carbonate-containing hydroxyapatite but
carbonate apatite (according to the definition, carbonate ions occupy more than half the
phosphoric acid positions), its Ca/P ratio should be much higher than the Ca/P ratio of
1.67 for the hydroxyapatite [29].

On the contrary, the presence of HA was confirmed by EDX on both PLA:OLA-MgO
and PLA:OLA-Mg(OH)2 efiber systems, showing Ca/P ratios in the range of 1.25–1.73 [30].
It is important to note that Ca/P ratios range from 1.20 for amorphous calcium phosphate
to 1.67 for HA compound. In fact, compared to the synthetic HAs summarized in Table 2,
natural HAs data, collected in Table 3, are non-stoichiometric, since they contain traces of
elements such as Na+, Zn2+, Mg2+, K+, Si2+, Ba2+, F−, and CO3

2−, which make them similar
to the chemical composition of human bone [31]. In our systems, the Ca/P ratios of HA
extracted from different mammalian sources, presented in Table 3, are in the same range as
those calculated for the PLA:OLA-MgO and PLA:OLA-Mg(OH)2 efibers, suggesting the
appearance of HA on the surface of the PLA-based nanocomposites.

Table 3. Main Ca/P ratios of different calcium phosphates.

Source Ca/P Ratio Ref.

β-Tricalcium phosphate 1.50 [30]
Amorphous calcium phosphate 1.20–2.20 [30]

Hydroxyapatite deficient in calcium 1.50–1.67 [30]
Hydroxyapatite 1.67 [30]

Table 4. Main Ca/P ratios of HA from different natural sources.

Source Ca/P Ratio Ref.

Bovine bone 2.23–1.95 [32]
Camelus bone 1.65 [33]

Turkey femur bone 1.66 [34]
Porcine bone 1.64 [35]

Fish bone 1.65–1.83 [36]
Cow, goat, and chicken bone 1.57–1.65 [37]

The precipitated crystals observed on the surface of the PLA-based efibers were
characterized by XRD and FTIR analysis in order to determine their chemical structure.
Specifically, XRD patterns of PLA-based efibers at T0 and T28 are reported in Figure 6.

At T0, previous to immersion in SBF, both neat PLA and PLA:OLA efibers show
amorphous structures, whereas in the nanocomposites, the presence of the main peaks
related to the crystallographic plane of MgO and Mg(OH)2 NPs can be clearly observed.

For PLA:OLA-MgO efibers, the MgO XRD pattern shows peaks at 2θ = 36.9◦, 42.9◦,
62.3◦, 74.6◦, and 78.6◦, which are attributed to the [111], [200], [220], [311], and [222]
crystallographic planes; all diffraction peaks can be indexed to the cubic crystalline system
for MgO [38]. In particular, the peaks located at 42.9◦ and 62.3◦ increase by increasing the
amount of MgO NPs in the efibers, and these were used to corroborate the presence of
MgO NP in the efibers.

The Mg(OH)2 XRD pattern shows peaks at 2θ = 18.6◦, 38.0◦, 51.0◦, and 58.6◦, which are
attributed to the [011], [101], [102], and [110] crystallographic planes and corresponded to
the hexagonal structure of Mg(OH)2 [39]. Moreover, it is important to note the effect of both
MgO and Mg(OH)2 NPs at 10 wt%. For MgO NPs, the crystallographic peak at 2θ = 18.7◦,
attributed to the [203] crystallographic plane of the α crystal of PLA [8], increased by
increasing the amount of MgO NPs from 10 to 20 wt%, evidencing a higher crystallinity of
the PLA:OLA-MgO efibers. However, this effect is not observed for Mg(OH)2 NPs; in this
case, the crystallographic peak at 2θ = 18.7◦ decreased for the PLA:OLA-Mg(OH)2 efibers
once it surpassed the 10 wt% of NPs.
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The presence of peaks related to the crystallographic planes of the mineralization
products is observed with both MgO and Mg(OH)2 NPs. To properly study those peaks
related to HA, the main XRD peaks of PLA, MgO NPs, Mg(OH)2 NPs, and HA, as reported
in the literature, are summarized in Table 5.

After 28 days of immersion in SBF, the PLA and PLA:OLA efibers showed crystal-
lographic peaks at 2θ = 15.1, 16.6, 18.7, 22.1, 27.5, and 29.0◦, which can be attributed to
the [010], [200/110], [203], [015], [207], and [216] crystallographic planes of the α crystal
conformation of PLA [8,40]. Comparing the XRD results before and after 28 days in SBF,
we can conclude that immersion in SBF increases the degree of crystallinity in both the
PLA and PLA:OLA efibers. An aqueous-based degradation media, such as SBF, provokes a
hydrolytic reaction in the PLA chains, yielding a higher degree of crystallinity in PLA-based
efibers [8]. This behavior was also observed in PLA:OLA-MgO and PLA:OLA-Mg(OH)2
efibers, and in addition, new crystallographic peaks appear after 28 days in SBF, which
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can be related to the presence of mineralization products. Firstly, it is important to note
that the mineralization of carbonate apatite in the PLA and PLA:OLA samples is in good
agreement with the Ca/P ratio previously described. The XRD patterns of HA and carbon-
ated apatite are very similar; however, in carbonate apatite, the crystallographic peaks at
2θ = 26◦, attributed to the [002] crystallographic plane of the hexagonal structure of HA,
shifts to a lower value of 2θ = 25.5◦ [41]. In our PLA and PLA:OLA electrospun fibers, this
crystallographic peak showed a higher intensity in comparison with those obtained for the
electrospun fibers reinforced with both MgO and Mg(OH)2.

In particular, crystallographic peaks at 2θ = 22.0, 23.0, and 26.0◦ can be observed in
both the PLA:OLA-MgO and PLA:OLA-Mg(OH)2 efibers, which are attributed to the [200],
[111], and [002] crystallographic planes of the hexagonal structure of HA [42–44]. Moreover,
a high peak at 2θ = 32.3◦ is observed, attributed to the presence of phosphate crystals
(PO4

3−) from HA [44]. Additionally, crystallographic peaks related to other mineralization
products can be observed, such as 2θ = 45.0◦, attributed to the [220] crystallographic plane
of NaCl [45].

Salaris et al. [24] studied both MgO and Mg(OH)2 nanoparticles dispersed in PCL
electrospun fiber mats. They observed the presence of monocalcium phosphate, dicalcium
phosphate, and tricalcium phosphate, obtaining very low Ca/P values, varying from 0.18 at
0.5 wt% of MgO to 1.17 at 10 wt% of MgO and varying from 0.27 at 0.5 wt% of Mg(OH)2 to
0.43 at 10 wt% of Mg(OH)2. Only in the electrospun nanofiber mats reinforced with 20 wt%
of NPs Ca/P obtained values of 1.76 and 1.33 for MgO and Mg(OH)2, respectively. This
marks a significant difference from the results of our work, where we demonstrated that
in plasticized PLA electrospun fiber mats, low concentrations of both MgO and Mg(OH)2
nanoparticles allow HA growth on the surface of the electrospun fiber mats. This fact
is very important because it confirms that every system is different, and a deep study is
required for each one in order to determine the correct response.

Table 5. Main XRD peaks of PLA, MgO NPs, Mg(OH)2 NPs, and HA reported in the literature.

2θ (◦) Crystalline System hkl Ref. No.

15.1 α crystals 010 [8,40]

16.6 α crystals 200/110 [8,40]

18.7 α crystals 203 [8,40]

22.1 α crystals 015 [8,40]

27.5 α crystals 207 [8,40]

29.0 α crystals 216 [8,40]

22.0 Hexagonal 200 [42,44]

23.0 Hexagonal 111 [42,44]

26.0 Hexagonal 002 [42,44]

28.5 Hexagonal 102 [42,44]

29.2 Hexagonal 210 [42,44]

31.8 Hexagonal 211 [42,44]

32.3 Hexagonal 112 [42,44]

32.9 Hexagonal 300 [42,44]

34.6 Hexagonal 202 [42,44]
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Table 5. Cont.

2θ (◦) Crystalline System hkl Ref. No.

M
gO

N
Ps

36.9 Cubic 111 [38]

42.9 Cubic 200 [38]

62.3 Cubic 220 [38]

74.7 Cubic 311 [38]

78.6 Cubic 222 [38]
M

g(
O

H
) 2

N
Ps 18.6 Hexagonal 001 [39]

38.0 Hexagonal 101 [39]

51.0 Hexagonal 102 [39]

58.6 Hexagonal 110 [39]

Once the XRD patterns of the PLA-based efibers were characterized, the functional
groups and chemical interactions were studied by FTIR analysis, Table 6, and their spectra
are shown in Figure 7. All PLA-based efibers showed the main characteristic FTIR bands of
PLA at T0, in particular, the C=O stretching band at 1749 cm−1 attributed to the carbonyl
group, the CH3 bond asymmetric vibration at 1452 cm−1, and the CH3 bond symmetric
motion at 1182 cm−1, as well as both the C-O asymmetric stretching band and the C-O
symmetric stretching band at 1128 cm−1 and 1084 cm−1, respectively [8,46]. Moreover,
the presence of MgO and Mg(OH)2 NPs at high concentrations, i.e., 10, 15, and 20 wt%,
increased the 2882–3000 cm−1 bands related to the C-H stretching (asymmetric, symmetric
vibrations of –CH3 and CH modes) [47].

Table 6. Most significant infrared bands related to HA and PLA.

Frequency (cm−1) Assignment Ref. No.

H
yd

ro
xy

ap
at

it
e

567–604 P-O asymmetric vibrations of PO4
3− groups [42,48]

632 and 1625 Hydroxyl liberation mode [42,48]

418 and 575 Antisymmetric bending of PO4
3− groups [42,48]

1089–1039 Stretching mode in PO4
3− groups [42,48]

650 Bending mode in PO4
3− groups [42,48]

1550 Stretching mode in CO3
2− groups [42,48]

PL
A

2882 and 3000 Asymmetric–Symmetric vibrations of –CH3 and CH modes [8,46]

1452 CH3 bond asymmetric vibration [8]

1749 C=O stretching band [8,46]

1182 CH3 bond symmetric motion [8,46]

1128 and 1084 C-O asymmetric stretching band and C-O symmetric stretching band [8,46]

After 28 days of immersion in SBF, a series of strong peaks can be seen in the spectra
of both series, as reported in Figure 8, which could be related to HA, specifically, a new
band at 575 cm−1 that can be associated with the antisymmetric bending of the PO4

3−

groups [42,48]. In addition, the band at 650 cm−1 is well associated with the bending mode
in the PO4

3− groups [42,48]. On the other hand, other mineralization products, such as
carbonate, CO3

2−, which showed a band at 1550 cm−1 associated with stretching mode in
the CO3

2− groups [42,48], can be observed on the surface of the PLA-based efibers. These
signals confirm the bioactivity of both the MgO and Mg(OH)2 efibers after immersion
in SBF. Moreover, considering that SBF is an aqueous media, the hydrolytic degradation
of PLA-based electrospun fibers after 28 days can be observed. Based in our previous
results [8], the hydrolytic degradation through the PLA matrix provokes the breakage of
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the ester group, and new bands at 1650 cm−1, attributed to the carboxylate groups, can be
observed for both the MgO and Mg(OH)2 NPs.
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The antibacterial activity of the PLA-based electrospun nanocomposites was tested
against E. coli (Gram-negative) and S. aureus (Gram-positive), and the relative antibacterial
activity was calculated, as summarized in Tables 7 and 8, respectively.

Table 7. Relative antibacterial activity for PLA:OLA-MgO efibers.

Sample E. coli S. aureus

PLA 0 a 0 a

PLA:OLA 0 a 0 a

MgO 0.5 wt% 2 ± 2 a 0 a

MgO 1 wt% 2 ± 1 a 0 a

MgO 5 wt% 2 ± 2 a 0 a

MgO 10 wt% 5 ± 1 a 6 ± 2 b

MgO 15 wt% 15 ± 2 b 5 ± 1 b

MgO 20 wt% 21 ± 2 c 5 ± 1 b

Different letters in the column indicate significant differences, according to Tukey’s test (p < 0.05).
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Figure 8. FTIR spectra 1800–400 cm−1 of (a) PLA:OLA-MgO and (b) PLA:OLA-Mg(OH)2 efibers after
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Table 8. Relative antibacterial activity for PLA:OLA-Mg(OH)2 efibers.

Sample E. coli S. aureus

PLA 0 a 0 a

PLA:OLA 0 a 0 a

Mg(OH)2 0.5 wt% 1 ± 1 a 0 a

Mg(OH)2 1 wt% 2 ± 1 a 0 a

Mg(OH)2 5 wt% 2 ± 2 a 0 a

Mg(OH)2 10 wt% 16 ± 2 b 2 ± 1 b

Mg(OH)2 15 wt% 17 ± 3 b 2 ± 1 b

Mg(OH)2 20 wt% 34 ± 6 c 2 ± 1 b

Different letters in the column indicate significant differences, according to Tukey’s test (p < 0.05).

As expected, the results indicated that the neat PLA and PLA:OLA efibers did not
show antibacterial activity against either E. coli or S. aureus, in agreement with previous
results reported in the literature [49]. From the MgO and Mg(OH)2 NPs point of view,
some considerations can be made. No statistically significant differences (p < 0.05) were
observed in the relative antibacterial activity of fibers with MgO NPs at low concentrations
such as 0.5, 1, 5, and 10 wt% against E. coli in comparison with neat PLA and PLA:OLA
efibers. However, for the PLA:OLA-MgO 15 and 20 wt% efibers, a slight antibacterial
activity percentage of 15 ± 2 and 21 ± 2 was obtained, respectively. The antibacterial
activity of MgO NPs has been recently studied by some authors, with similar results.
In particular, Swarrop et al. studied PLLA/MgO nanocomposite films, reporting 46%
antibacterial activity against E. coli [50]. MgO NPs showed different antibacterial activity
against S. aureus (Gram-positive). In general, no inhibitory effect was observed in the range
of 0.5–5 wt%, but from this concentration on, the antibacterial activity starts to increase
slightly. Thus, the PLA:OLA-MgO efibers were able to fight against Gram-negative bacteria
more effectively than against Gram-positive bacteria.

On the other hand, Mg(OH)2 NPs showed statistically significant differences (p < 0.05)
in the antibacterial activity against E. coli at concentrations in the range of 10–20 wt% in
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comparison with neat PLA and PLA:OLA. In particular, the achieved relative antibacterial
activity of 16 ± 2, 17 ± 3, and 34 ± 6% for PLA:OLA-Mg(OH)2 10, 15, and 20 wt% efibers,
respectively, are slightly higher than those for PLA:OLA-MgO efibers in the same range
of concentrations. In addition, poor antibacterial activity against S. aureus was observed
for all PLA:OLA-Mg(OH)2 efibers. In Figure 9, qualitative comparison of the antibacterial
activity obtained for PLA-based electrospun fibers at the highest concentration of both
nanoparticles, that is 20 wt%, is reported, compared with the control for better visualization
of the qualitative antibacterial activity of our PLA-based electrospun fibers. As far as
we know, almost no investigations regarding the antibacterial activity of Mg(OH)2 NPs
are found in the literature for comparison with our results. Only Meng et al. studied
the antibacterial activity of Mg(OH)2 NPs against oral bacteria (Streptococcus mutans) and
concluded that Mg(OH)2 NPs can be used to eradicate residual bacteria but with limited
activity [15]. In our case, for a concentration at 20 wt% of both MgO and Mg(OH)2
NPs, the plasticized PLA-based electrospun nanocomposites show antibacterial activity.
Regarding its use in potential biomedical applications, this result suggests an optimal
range of NPs concentration of about 20 wt% for improving the antibacterial activity of
PLA-based systems.
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Figure 9. Images of the control plate and the plasticized PLA electrospun fiber at the highest
concentrations of MgO and Mg(OH)2 NPs against (a) E. coli and (b) S. aureus.

4. Conclusions

In this work, we studied the bioactivity and antibacterial behavior of PLA-based
electrospun fibers, efibers, reinforced with both MgO and Mg(OH)2 nanoparticles, with
different concentrations such as 0.5, 1, 5, 10, 15, and 20 wt%. The bioactivity was discussed
in terms of hydroxyapatite growth at T28 of immersion in simulated body fluid, SBF. In
particular, at T14, the biomineralization process is evidenced in both reinforced systems, at
concentrations higher than 5 wt% for MgO NPs, and at all the concentrations studied for
Mg(OH)2. However, the number of precipitated crystals increased by increasing the amount
of both NPs. The chemical composition of the precipitated crystals was characterized
in terms of Ca/P molar ratio after T28 of immersion in SBF, indicating the presence of
hydroxyapatite on the surface of both reinforced efibers. Moreover, a reduction in the
average diameter of PLA-based efibers was observed, reaching a maximum reduction of
46 and 60% in the average diameter of the neat PLA and PLA:OLA efibers, respectively,
after 28 days of immersion in SBF, indicating their degradation process. The antibacterial
behavior of MgO and Mg(OH)2 NPs in PLA-based electrospun fibers was tested against
Escherichia coli, E. coli, as the Gram-negative bacteria, and Staphylococcus aureus, S. aureus,
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as the Gram-positive bacteria, obtaining the best antibacterial activity against the Gram-
negative bacteria E. coli of 21 ± 2% and 34 ± 6% for the highest concentration of MgO and
Mg(OH)2 NPs, respectively. This study suggests that these systems can potentially be used
in biomedical applications.
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