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Preface

The Special Issue “Advanced Materials for Energy Applications: From Fuels to Batteries

and Beyond” brings together a curated compendium of original research and critical reviews that

underscore the pivotal role of material innovation in confronting the great energy and environmental

challenges of our time. As the global community navigates an era of escalating energy demands, finite

resources, and stringent sustainability imperatives, the development and deployment of advanced

materials across the energy value chain have emerged as both urgent and indispensable.

This Special Issue addresses a broad spectrum of topics, reflecting the multidisciplinary and

integrative nature of modern materials science. The collected works are thematically organized

into four synergistic domains: environmental monitoring and remediation, next-generation

energy storage systems, materials processing and industrial optimization, and the integration of

theoretical modeling with advanced characterization techniques. Together, these studies reveal how

fundamental insights and technological innovations in materials synthesis, structural design, and

functional performance can catalyze sustainable energy transitions.

The motivation for this Special Issue stems from the pressing need to accelerate the translation

of materials research into real-world energy solutions. The contributors—renowned scholars and

early-career researchers from diverse institutions—bring deep expertise and fresh perspectives to the

forefront of this field. Their collective efforts illustrate the power of interdisciplinary collaboration in

advancing science for societal benefit.

This volume is intended for a broad academic audience, including researchers in materials

science, chemistry, energy engineering, nanotechnology, and environmental science, as well as

stakeholders in industry and policy making. It is our sincere hope that the knowledge disseminated

here will inspire continued innovation and foster meaningful dialogue across disciplinary and

sectoral boundaries.

We extend our deepest appreciation to all authors for their high-quality contributions, and to the

reviewers for their rigorous and constructive assessments. Special thanks are due to the editorial and

publishing teams for their invaluable support throughout the process.

Zhao Ding, Liangjuan Gao, and Shicong Yang

Guest Editors
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Editorial

Advanced Materials for Energy Applications: From Fuels to
Batteries and Beyond
Zhao Ding 1,*, Liangjuan Gao 2 and Shicong Yang 3

1 College of Materials Science and Engineering, National Engineering Research Center for Magnesium Alloys,
Chongqing University, Chongqing 400044, China

2 College of Materials Science and Engineering, Sichuan University, Chengdu 610065, China; lgao87@scu.edu.cn
3 Faculty of Metallurgical and Energy Engineering, Kunming University of Science and Technology, Kunming

650093, China; shicongyang@kust.edu.cn
* Correspondence: zhaoding@cqu.edu.cn

The unprecedented challenges of the 21st century energy landscape necessitate a
paradigm shift in materials science and engineering [1–4]. The intricate interplay between
rising global energy demands and environmental sustainability has catalyzed intensive
research efforts across the entire energy value chain [5–8]. This Special Issue, “Advanced
Materials for Energy Applications: From Fuels to Batteries and Beyond”, presents a carefully
curated collection of cutting-edge research that exemplifies the transformative role of
advanced materials in addressing these multifaceted challenges.

The ten papers featured in this issue collectively demonstrate the remarkable versatility
and innovation in materials design, synthesis, and characterization. These contributions
span multiple technological domains and can be systematically categorized into four
complementary research directions: (1) advanced functional materials for environmental
monitoring and remediation, (2) next-generation energy storage systems, (3) materials
processing and industrial optimization, and (4) theoretical modeling coupled with advanced
characterization techniques.

In the domain of environmental monitoring and remediation, two notable studies
showcase innovative approaches to addressing heavy metal contamination. Liu et al.
(contribution 1) developed a highly sensitive electrochemical sensing platform utilizing
TiO2-modified biochar derived from spent coffee grounds. The hierarchical composite
structure demonstrated remarkable sensitivity toward Pb(II) detection, achieving a detec-
tion limit of 0.6268 pM under optimized conditions. This work exemplifies the synergistic
integration of waste valorization and advanced materials design. Complementing this
research, Xu et al. (contribution 2) engineered sophisticated network polymer-modified
superparamagnetic silica nanoparticles (MSNPs-CAAQ) for heavy metal remediation.
Their systematic investigation revealed impressive maximum adsorption capacities of
324.7, 306.8, and 293.3 mg/g for Fe3+, Cu2+, and Cr3+ ions, respectively, with excellent
recyclability maintained over multiple adsorption–desorption cycles.

Significant advances in energy storage technologies are highlighted through inno-
vative materials development and systematic performance enhancement studies. Wang
et al. (contribution 3) pioneered the development of a bio-derived separator for sodium
metal batteries, utilizing natural silkworm cocoon membrane. The innovative separator
design, featuring intrinsic cationic functional groups, demonstrated superior Na-ion trans-
port kinetics and enhanced electrochemical performance, achieving an initial capacity of
79.3 mAh g−1 at 10C with 93.6% retention after 1000 cycles. Abdisattar et al. (contribution
4) conducted a comprehensive investigation into biomass-derived activated carbons for

Molecules 2025, 30, 1405 https://doi.org/10.3390/molecules30071405
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supercapacitor applications, establishing critical structure–property relationships between
lignocellulosic precursor composition and electrochemical performance. Their findings
revealed that wheat bran-derived electrodes exhibited optimal performance characteris-
tics, attributed to their unique hierarchical pore structure and surface chemistry. Wang
et al. (contribution 5) further contributed to this domain through a comprehensive review
of strategies for enhancing LiFePO4 cathode conductivity, while Wang et al. (contribu-
tion 6) provided an in-depth comparative analysis of solid electrolyte interface formation
mechanisms in Li and Mg batteries.

In the realm of materials processing and industrial optimization, several significant
contributions advance our understanding of crucial manufacturing processes. Liu et al.
(contribution 7) conducted a detailed investigation of the sintering behavior in molybdenite
concentrate oxidation, elucidating the complex relationships between processing parame-
ters and product characteristics. Their systematic study revealed the critical influence of
temperature and potassium content on sintering mechanisms, providing valuable insights
for process optimization. Additionally, Zhu et al. (contribution 8) developed an innova-
tive flotation technique for high-purity silicon recovery from diamond wire saw silicon
slurry, achieving remarkable recovery rates of 98.2% under optimized conditions, thereby
addressing both resource recovery and environmental sustainability challenges.

The theoretical understanding and characterization of advanced materials have been
significantly enhanced through sophisticated studies employing cutting-edge analytical
techniques and computational methods. Zhou et al. (contribution 9) employed density
functional theory calculations to elucidate the complex interfacial phenomena in Mg/Ti
systems, providing fundamental insight into the role of various alloying elements. Their
computational analysis revealed that Gd exhibits the most favorable segregation behavior
with a segregation energy of −5.83 eV, offering valuable guidance for the rational design of
magnesium-based composites. Xu et al. (contribution 10) presented an authoritative review
of characterization methodologies in metal-based solid-state hydrogen storage, compre-
hensively analyzing both conventional and emerging analytical techniques, particularly
emphasizing the crucial role of in situ and operando characterization in understanding
hydrogen–material interactions at atomic and molecular levels.

Looking ahead, several emerging trends and research directions are evident from
these contributions. The integration of artificial intelligence with materials design, the
development of multifunctional materials for energy applications, and the optimization
of sustainable production methods represent particularly promising avenues for future
research. The continued evolution of in situ characterization techniques and theoretical
modeling capabilities will be crucial in accelerating materials discovery and optimization.
As we progress toward a more sustainable and resilient energy future, the strategic de-
velopment of advanced materials remains paramount. The papers in this Special Issue
demonstrate the remarkable potential of innovative materials solutions in addressing global
energy challenges, while simultaneously highlighting the importance of interdisciplinary
approaches and sustainable methodologies in materials research and development.

Conflicts of Interest: The author declares no conflicts of interest.
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Network–Polymer–Modified Superparamagnetic Magnetic
Silica Nanoparticles for the Adsorption and Regeneration of
Heavy Metal Ions
Yaohui Xu 1,2, Yuting Li 3 and Zhao Ding 4,*
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* Correspondence: zhaoding@cqu.edu.cn; Tel.: +86-023-65127881

Abstract: Superparamagnetic magnetic nanoparticles (MNPs, Fe3O4) were first synthesized based
on a chemical co–precipitation method, and the core–shell magnetic silica nanoparticles (MSNPs,
Fe3O4@SiO2) were obtained via hydrolysis and the condensation of tetraethyl orthosilicate onto Fe3O4

seed using a sol–gel process. Following that, MSNPs were immobilized using a three–step grafting
strategy, where 8-hloroacetyl–aminoquinoline (CAAQ) was employed as a metal ion affinity ligand
for trapping specific heavy metal ions, and a macromolecular polymer (polyethylenimine (PEI)) was
selected as a bridge between the surface hydroxyl group and CAAQ to fabricate a network of organic
networks onto the MSNPs’ surface. The as–synthesized MSNPs–CAAQ nanocomposites possessed
abundant active functional groups and thus contained excellent removal features for heavy metal
ions. Specifically, the maximum adsorption capacities at room temperature and without adjusting pH
were 324.7, 306.8, and 293.3 mg/g for Fe3+, Cu2+, and Cr3+ ions, respectively, according to Langmuir
linear fitting. The adsorption–desorption experiment results indicated that Na2EDTA proved to be
more suitable as a desorbing agent for Cr3+ desorption on the MSNPs–CAAQ surface than HCl and
HNO3. MSNPs–CAAQ exhibited a satisfactory adsorption capacity toward Cr3+ ions even after six
consecutive adsorption–desorption cycles; the adsorption efficiency for Cr3+ ions was still 88.8%
with 0.1 mol/L Na2EDTA as the desorbing agent. Furthermore, the MSNPs–CAAQ nanosorbent
displayed a strong magnetic response with a saturated magnetization of 24.0 emu/g, and they could
be easily separated from the aqueous medium under the attraction of a magnet, which could facilitate
the sustainable removal of Cr3+ ions in practical applications.

Keywords: nanoparticles; magnetic; surface modification; adsorption; regeneration; heavy metal ion

1. Introduction

Heavy metal ions (HMIs) can easily spread through the food chain and seriously
threaten human health [1–3], as well as negatively influencing the ecological environment
of sustainable development [4–6]. Chromium (Cr3+), arsenic (As3+), cadmium (Cd2+),
mercury (Hg2+), and plumbum (Pd2+) ions were considered to be the five most toxic
HMIs, with intense toxicity and the tendency to cause serious diseases even at very low
concentrations [7]. Therefore, HMI pollution in water caused by modern industry is an
important issue due to its toxicity, complex components, and non–biodegradability. Usually,
HMI pollution in water has the characteristics of a large pollution area, so it is difficult to
enrich HMIs in water using extraction methods. This has been presented as a simple and

Molecules 2023, 28, 7385. https://doi.org/10.3390/molecules28217385 https://www.mdpi.com/journal/molecules4
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effective method to fix HMIs in situ to reduce their toxicity in water due to the obvious repair
effect, simple construction technology, short construction period, reasonable repair costs,
and other characteristics. Among the technologies used to cure or stabilize HMIs in water,
the adsorption method is the most economical and effective method [8–10]. Reasonable
and efficient adsorbents are the key to determining the feasibility of the purification and
recovery of HMIs in water by adsorption. The primary adsorbents used in wastewater
treatment are categorized as carbon [11], silica [12], zeolite [13], metal–based [14] nano–
adsorbents, and magnetic nanoparticles [15]. In addition to the above main classes of
adsorbents, several economical bio–adsorbents have been produced from agricultural
waste, food waste, cellulose waste, and industrial by–products [16,17].

The non–magnetic nanosorbents are easy to lose in the process of use, which is not
conducive to recovery. In any case, exhausted non–magnetic nano–adsorbents have to
be removed from the liquid, and magnetic extraction appears to be the most frequently
adopted solution [10]. Therefore, magnetic nanomaterials, especially superparamagnetic
nanomaterials, have received extensive attention from researchers. Magnetic nanoparticles
(MNPs, Fe3O4) are an excellent candidate nanosorbent because of their small size effect and
apparent superparamagnetism [18]. The greatest strength of MNPs is that they are easily
attracted to the target zone under the guidance of an external magnetic field [19–23]. An
inconvenient disadvantage of MNPs is that they are prone to oxidative degradation when
directly exposed to the environment. In order to reduce the instability of MNPs, a core–shell
structure of magnetic silica nanoparticles (MSNPs) is proposed, in which the MNPs, as the
core, can facilitate targeted control and recyclable separation under an applied magnetic
field, while the silica (SiO2), as the shell, can prevent the magnetic core from oxidation and
corrosion [24].

Surface modification proved to be an effective way to improve the adsorption per-
formance of nanosorbents. At present, many studies are focused on the surface mod-
ification of MSNPs to improve their adsorptive capacity by grafting the end–reactive
functional groups. Generally, the grafted organic molecules, such as iminodiacetic acid,
(3–aminopropyl)triethoxysilane, N–(trimethoxysilylpropyl)ethylenediamine triacetic acid,
and 3–mercaptopropyltrimethoxysilane, had a distinct affinity for combining with Zn2+ [25],
Cu2+ [26], Pb2+ [27], Cd2+ [28], and Hg2+ [29] ions. However, the single–stranded grafting
of small organic molecules still cannot meet the actual application demand. On this basis,
polymer grafting has been proposed to increase the amount of end–reactive functional
groups, which yields MSNPs/polymers with excellent adsorptive features [30–32]. Despite
this progress in the synthesis of MSNPs–based absorbents, it is still challenging to further
improve their adsorptive capacity since further increases in the amount of ligands or the
introduction of large macromolecules are restrained by the steric hindrance, limiting their
actual applications.

In this regard, we proposed network polymer (8–chloroacetyl–aminoquinoline,
CAAQ)–modified MSNPs to remove HMIs using a three–step grafting strategy, as shown in
Figure 1a. In the design of this network structure on MSNPs’ surfaces, the selected macro-
molecular polymer was key. Polyethylenimine (PEI) possessed numerous branched chains of
–NH2 groups, which formed the framework of a network structure. MSNPs were like a tree,
and CAAQ was the final fruit (end–active group), while PEI was like a branch with rich twigs
(–NH2 group), providing numerous sites for the growth of the final fruit. The network design
could effectively increase the quantity of active functional groups in the limited space and thus
improve their adsorption capacity. The key process of this synthesis was to achieve a control-
lable bridge of MTCS/CPTCS and PEI, allowing for more CAAQ to become immobilized onto
MSNPs. Moreover, the removal and regeneration of HMIs by MSNPs–CAAQ from aqueous
solutions was investigated, as shown in Figure 1b.
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Figure 1. (a) Synthesis scheme of MSNPs–CAAQ nanocomposites; (b) schematic diagram of HMIs
adsorption and magnetic separation.

2. Results and Discussion
2.1. Characterizations of MNPs and MSNPs

Figure 2a,b show the XRD patterns of the as–synthesized MNPs and MSNPs, respec-
tively. The XRD pattern of MNPs in Figure 2a displays several well–resolved diffraction
peaks that could match well with the (111), (220), (311), (222), (400), (422), (511), (440), (533)
and (622) planes of cubic spinel Fe3O4 (JCPDS No. 65–3107). All crystal planes could be
identified, indicating that the obtained Fe3O4 crystal was complete, and the average grain
size of Fe3O4 was calculated with a value of about 9.0 nm according to Scherrer’s formula.
In addition to the diffraction peaks of the cubic spinel Fe3O4 phase, there was a weak
and broad peak at 2θ = 15~28◦ (yellow area in Figure 2b), which was consistent with the
amorphous SiO2 phase. Compared to the XRD diffraction intensity of MNPs in Figure 2a,
that of MSNPs in Figure 2b was slightly reduced, further implying that the amorphous SiO2
was coated onto the surface of Fe3O4 seeds. Further analysis of the core–shell structure of
MSNPs was conducted by TEM analysis, as discussed later.

TEMs were employed to characterize the morphology, size, and microstructure of
MNPs and MSNPs. The TEM image in Figure 3a demonstrates that the as–synthesized
MNPs exhibited a uniform size of ~10 nm. Moreover, we could observe that these particles
had the same direction of lattice fringes with an interplanar spacing of 0.308 nm from the
high–resolution TEM (HRTEM) image in Figure 3a’s inset, fitted with (220) in cubic spinel
Fe3O4, which proves that the as–synthesized Fe3O4 was a single–crystalline structure. After
coating with SiO2, the particle size increased to ~21 nm from ~10 nm, according to the
TEM image in Figure 3b. Furthermore, the obvious core–shell structure with a core size
of ~10 nm and a shell thickness of ~5.5 nm could be clearly observed from the amplified
TEM image in Figure 3b’s inset. The XRD data in Figure 2 and TEM data in Figure 3 could
prove that MNPs with a single–crystal structure can be synthesized using the chemical
co–precipitation method, while MSNPs with a core–shell structure can be obtained through
the hydrolysis and condensation of TEOS on a single–crystal Fe3O4 seed.
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Figure 2. XRD spectra of (a) MNPs and (b) MSNPs contrasted with the standard Fe3O4 (JCPDS
No. 65–3107) pattern.

Figure 3. (a) TEM image of MNPs (inset is an HRTEM image of MNPs); (b) TEM image of MSNPs
(inset is an amplified TEM image of MSNPs).

2.2. Characterizations of MSNPs–CAAQ

Figure 4a shows the XRD spectrum of as–synthesized MSNPs–CAAQ. In Figure 4a,
the broad peak at 2θ = ~22.5◦ or other sharp little peaks at 2θ > ~33.0◦ imply the existence of
at least two kinds of phases in the MSNPs–CAAQ samples. The broad peak at 2θ = ~22.5◦

could be attributed to some phases with an amorphous state, while the several sharp little
peaks at 2θ > ~33.0◦ were indexed to the (311), (400), (511), and (440) planes of the standard
Fe3O4 (JCPDS No. 65–3107) pattern, indicating the presence of the cubic spinel Fe3O4 phase.
Compared with the XRD patterns of MNPs and MSNPs in Figure 2, the diffraction peak
intensity of the Fe3O4 phase was reduced dramatically, while the broad featureless peak of
SiO2 was clearly increased, becoming even stronger than that of the Fe3O4 phase, indicating
that organic molecules were coated on the MSNPs’ surface after modification. Figure 4b
shows the TEM image of MSNPs–CAAQ. In Figure 4b, an extra amorphous coating can be
observed around the particles, further implying successful CAAQ modification.
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Figure 4. (a) XRD spectrum contrasted with standard Fe3O4 (JCPDS NO. 65–3107) pattern and
(b) TEM image of MSNPs–CAAQ.

The thermal decomposition behaviors of MSNPs and MSNPs–CAAQ were determined
using a TG instrument at a heating rate of 10 ◦C/min under a flow of air within the
temperature range of 25 to 600 ◦C. For the TG curve of MSNPs in Figure 5a, a relative
weight loss of 8.6% was detected over the entire temperature range, which was probably
caused by the evaporation of adsorbed water and the decomposition of hydroxyl groups
(–OH) on the MSNPs’ surface, while a far higher weight loss of 31.7% over the entire
temperature range was observed for MSNPs–CAAQ in Figure 5b, which could mainly
be attributed to the evaporation of adsorbed water and the decomposition of the grafted
organic molecules layer, including MTCS, CPTCS, PEI, and CAAQ. Below ~150 ◦C, the
TG curves of MSNPs and MSNPs–CAAQ almost coincided, indicating that the water
content on the surface of MSNPs and MSNPs–CAAQ was basically the same. Therefore,
the weight percentage of grafted organic molecules on MSNPs’ surface could be calculated
by subtracting the weight loss of MSNPs from that of MSNPs–CAAQ, and the value
was ~23.1%.

Figure 5. TG curves of (a) MSNPs and (b) MSNPs–CAAQ.
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To determine the organic composition of MSNPs’ surfaces, FTIR and XPS analyses were
employed. Figure 6a–d shows the FTIR spectra of MSNPs, MSNPs–MTCS/CPTCS, MSNPs–
PEI, and MSNPs–CAAQ, respectively. For all FTIR spectra in Figure 6, there were several
apparent absorption peaks at 3433, 1088, and 584 cm−1, corresponding to the stretching
of –OH [33], Si–O [34], and Fe–O [35] bonds, respectively. This further demonstrated the
successful synthesis of Fe3O4/SiO2 composites with numerous –OH groups, which was
consistent with the XRD analysis results in Figure 2. Compared with the FTIR spectrum of
MSNPs in Figure 6a, two new absorption peaks at 2970 cm−1 (C–H bond) and 1274 cm−1

(Si–C bond) [36] were observed. For the FTIR spectrum of MSNPs–MTCS/CPTCS in
Figure 6b. In addition to the absorption peaks of C–H and Si–C bonds, the FTIR spectrum
of MSNPs–PEI presented in Figure 6c showed a new peak at 1392 cm−1 [37], ascribed to
the stretching of the C–N bond. In addition to the above–mentioned absorption peaks in
Figure 6a–c, there were also three new absorption peaks at 1695, 1551, and 1437 cm−1 for
the FTIR spectrum of MSNPs–CAAQ in Figure 6b, ascribed to the stretching of HN–C=O,
C=N, and –NH bonds [38], respectively. This indicates that MTCS/CPTCS, PEI, and CAAQ
were successfully grafted onto the MSNPs’ surface.

Figure 6. FTIR spectra of (a) MSNPs, (b) MSNPs–MTCS/CPTCS, (c) MSNPs–PEI, and (d) MSNPs–CAAQ.

Figure 7a shows the XPS spectra of MSNPs, MSNPs–MTCS/CPTCS, MSNPs–PEI, and
MSNPs–CAAQ. By comparing the XPS spectrum of MSNPs, that of MSNPs–MTCS/CPTCS
showed a clear new peak in the Cl signal at ~200.0 eV, which probably derived from the
MTCS and CPTCS grafted onto the MSNPs’ surface. The XPS spectra of MSNPs–PEI and
MSNPs–CAAQ both showed a clear new peak in N element at ~400.0 eV, which probably
derived from the nitrogenous organic matter grafted onto MSNPs’ surfaces, including PEI
and CAAQ. In addition, the absence of a Cl signal for the XPS spectrum of MSNPs–PEI
suggested a successful dechlorination coupling reaction between MSNPs–MTCS/CPTCS
and the PEI molecule. Moreover, the detailed N 1s core–level spectrum of MSNPs–CAAQ
could be curve–fitted into four peak components, as shown in Figure 7b. The binding
energies at 401.8, 400.8, 399.7, and 398.9 eV could be attributed to pyridinic N species,
N–C species, HN–C=O species, and aromatic N species, respectively [39–41]. Figure 7c
also shows the XPS spectrum of C 1s core levels for MSNPs–CAAQ. From Figure 7c,
the C 1s core–level spectrum is shown to present four peaks with binding energies of
286.7, 285.8, 284.8, and 284.1 eV, attributable to the NH–C=O, C–N, –(CH2)n–, and –C6H5–
species, respectively [42–45]. This further confirms that the CAAQ–modified MSNPs

9



Molecules 2023, 28, 7385

were successfully yielded using the three–step grafting method (see Figure 1a), involving
MTCS/CPTCS co–modification, PEI grafting, and CAAQ grafting.

Figure 7. XPS wide scan of (a) MSNPs, MSNPs–MTCS/CPTCS, MSNPs–PEI, and MSNPs–CAAQ;
(b) C 1s and (c) N 1s core levels of MSNPs–CAAQ.

2.3. Magnetic Analysis of MNPs, MSNPs and MSNPs–CAAQ

The magnetic properties were measured using a vibrating sample magnetometer. As
displayed in Figure 8a, the saturated magnetizations (M) of MNPs, MSNPs, and MSNPs–
CAAQ were 61.0, 38.1, and 24.0 emu/g, respectively. Compared with MNPs, the reduced
M values for MSNPs and MSNPs–CAAQ were mainly attributed to the increased weight
of non–magnetic layers, including amorphous SiO2 and grafted organic molecules [46].
Figure 8b shows the magnified curve of the surrounding origin in Figure 8a (the area inside
the pink box of Figure 8a). All three samples of MNPs, MSNPs, and MSNPs–CAAQ could
be regarded as superparamagnetic with negligible hysteresis. This suggests that MNPs
encapsulated in the SiO2 shell could preserve their superparamagnetism. In practical
applications, it is extremely important that the magnetic carriers or supports exhibit rapid
responsiveness under an applied magnetic field without retaining any magnetism after
withdrawing the applied magnetic field. Moreover, Figure 8c shows the time–dependence
of the magnetic response behavior of MSNPs–CAAQ suspension by adding an external
magnet to the right side of the bottle. In Figure 8c, these particles are shown to be well
dispersed in an aqueous medium without a magnet (Blank in Figure 8c), and they were
easily separated from the solution under the attraction of the magnet. The solution appeared
clear and transparent within 28 s. However, the Tyndall effect can be observed by the naked
eye in Figure 8d, indicating that some MSNPs–CAAQ nanoparticles were still floating in the
aqueous solution. As the magnetic separation continued, the Tyndall effect disappeared at
111 s, indicating that the solid–liquid separation was complete. This is a potential drawback
of the MSNPs–CAAQ nano–adsorbent due to its low saturation magnetization, which risks
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leaving behind some nanoparticles that were uncaught by the applied magnetic field. In
order to minimize this shortcoming, it was necessary to extend the operation time of the
applied magnetic field.

Figure 8. (a) Room–temperature magnetic hysteresis loops of MNPs, MSNPs, and MSNPs–CAAQ;
(b) the amplified curves around the coercive value (the area inside the pink box in Figure 8a);
(c) time–dependence of the magnetic response behavior of MSNPs–CAAQ suspension after adding
an external magnet to the right side of the bottle; (d) the clear liquid of the Tyndall effect over time.

2.4. Adsorption Characteristics

The adsorption capacity of MSNPs–CAAQ for the selected HMIs, including Ag+,
Zn2+, Cu2+, Co2+, Cd2+, Mn2+, Pb2+, Hg2+, Cr3+ and Fe3+ ions, was evaluated at room
temperature without pH pre–adjustments. Figure 9 shows the time–dependence of the
adsorption profiles of the selected HMIs onto MSNPs–CAAQ composites. Figure 9 shows
that the as–synthesized MSNPs–CAAQ exhibited strong and rapid adsorption features for
HMIs within the first 1.0 h, and the adsorption process was mostly completed within 1.5 h
of the reaction. For Fe3+, Cu2+ and Cr3+ ions, the adsorption efficiencies within 1.5 h could
reach 98.9%, 96.4%, and 95.9%, respectively. Moreover, MSNPs–CAAQ exhibited universal
adsorption capacities for Zn2+, Mn2+ and Pb2+ ions, with adsorption efficiencies of over
70% within 1.5 h. The sequence and values of the adsorption efficiency within 2.5 h were as
follows: Fe3+ (98.5%) > Cu2+ (96.1%) > Cr3+ (95.3%) > Mn2+ (75.3%) > Zn2+ (72.9%) > Pb2+

(71.8%) > Cd2+ (65.6%) > Hg2+ (55.7%) > Co2+ (52.2%) > Ag+ (47.1%). As a comparison, the
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adsorption efficiency of MSNPs without CAAQ modifications was also tested and is shown
in the inset of Figure 9. As observed, the adsorption efficiencies of MSNPs within 2.5 h
were below 6.0% for all HMIs under the same conditions, indicating that the absorption of
HMIs was mainly attributed to the grafted CAAQ rather than MSNPs. The high adsorption
efficiencies of MSNPs–CAAQ could be due to the abundant adsorption sites from the
CAAQ network that were transferred onto the MSNPs’ surface, which also demonstrates
the superiority of our design.

Figure 9. Adsorption profiles onto MSNPs–CAAQ for HMIs (inset shows the adsorption efficiencies
within 2.5 h of MSNPs without CAAQ modifications for HMIs). (Adsorbent dose was 1.0 g/L; adsor-
bate dose was 200 mg/L; V = 50 mL; reaction temperature was 298.15 K; no pH pre–adjustments).

The experimental data of the adsorption of Fe3+, Cu2+, and Cr3+ ions onto MSNPs–
CAAQ were analyzed by the Langmuir isotherm model and Freundlich isotherm model;
their Langmuir linear fittings and Freundlich plots are shown in Figure 10a,b, and the
corresponding Langmuir and Freundlich parameters that were calculated are listed in
Table 1. From Figure 10a, it is shown that the Langmuir isotherm model was a good fit
for modeling the adsorption of Fe3+, Cu2+, and Cr3+ ions onto the MSNPs–CAAQ surface.
However, the experimental data considerably deviated from the Freundlich model in
Figure 10b, suggesting that it was not appropriate to use the Freundlich model to predict
the adsorption isotherms of Fe3+, Cu2+, and Cr3+ ions onto MSNPs–CAAQ. As observed
in Table 1, the Langmuir isotherm model had high correlation coefficients (R2 > 0.9980),
implying that the adsorption of Fe3+, Cu2+, and Cr3+ ions could be better described by
the Langmuir model. The saturated adsorption amounts (qm) of Fe3+, Cu2+, and Cr3+ ions
were 324.7, 306.8, and 293.3 mg/g, respectively, according to the Langmuir linear fitting.
Moreover, a comparison of the maximum adsorption capacities of Fe3+, Cu2+, and Cr3+

ions onto other adsorbents is shown in Table 2 [47–51]. Except for the adsorption of Cu2+

and Cr3+ ions onto EDTA–inspired polydentate hydrogels, the adsorption capacities were
significantly higher for the MSNPs–CAAQ sorbents used in this study.
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Figure 10. (a) Langmuir linear fittings and (b) Freundlich plots of Fe3+, Cu2+, and Cr3+ ions onto
MSNPs–CAAQ.

Table 1. Relevant parameters of Langmuir isotherms for the adsorption of Fe3+, Cu2+, and Cr3+ ions.

Langmuir Isotherm Model Ce
qe

= 1
qm

Ce+ 1
KLqm

Parameters qm (mg/g) KL R2

Fe3+ 324.7 0.7016 0.9997
Cu2+ 306.8 0.6981 0.9988
Cr3+ 293.3 0.7894 0.9990

Table 2. Comparison of maximum adsorption capacities of various adsorbents for Fe3+, Cu2+, and
Cr3+ ions.

Adsorbent HMIs Adsorption Capacity
(qm, mg/g) Reference

Manganese dioxide–modified biochar Fe3+ 52.39 [47]

Activated biochars prepared by leucaena leucocephala Fe3+ 32.89 [48]

Phosphorylated nanocellulose (Phos–CNCSL) Fe3+ 115
[49]

Cu2+ 117

Fe3O4/FeMoS4/MgAl–LDH nanocomposite Cu2+ 108.28 [50]

Core–shell magnetic Fe3O4@zeolite NaA Cu2+ 86.54 [51]

EDTA–inspired polydentate hydrogels Cu2+ 436.5
[52]

Cr3+ 340.6

Organosulphur–modified biochar Cr3+ 35.2 [53]

Porous carbon materials derived from rice wastes Cr3+ 9.23 [54]

MSNPs–CAAQ nanocomposite
Fe3+ 324.7

This workCu2+ 306.8
Cr3+ 293.3

In actual industrial wastewater, the coexistence of multiple HMIs is common, so it
was necessary to investigate the influence of competing ions on adsorption. An adsorption
experiment in a mixed–HMIs solution was also carried out, in which the mass of each HMI
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was 20 mg, the mass of the MSNPs–CAAQ adsorbent was 0.5 g, and the total volume of
solution was 500 mL. The adsorption efficiency of the matrixed HMIs is shown in Figure 11.
As observed, MSNPs–CAAQ exhibited universal and excellent adsorption capacities for all
HMIs; the adsorption efficiencies could reach over 92.0% within 1.5 h, mainly due to the
large adsorption capacity of the MSNPs–CAAQ adsorbent and the low initial concentration
of each HMI in the mixed solution. It could be concluded from the above adsorption
experiments that MSNPs–CAAQ is suitable as an adsorbent for the removal of HMIs,
especially when the concentration of HMIs is low. In view of the strong toxicity of the Cr3+

ion, the adsorption characteristics of Cr3+ ions on MSNPs–CAAQ will be explored in the
following research.

Figure 11. Adsorption efficiency of MSNPs–CAAQ for mixed–HMIs solution. (Mixed HMIs contained
Ag+, Zn2+, Cu2+, Co2+, Cd2+, Mn2+, Pb2+, Hg2+, Cr3+, and Fe3+ ions; the mass of each HMI was
20 mg; MSNPs–CAAQ was 0.5 g; V = 500 mL; t = 1.5 h; reaction temperature was 298.15 K; no pH pre–
adjustments). (Note: the different color ball represent was the adsorption efficiency of MSNPs–CAAQ
for different HMIs in the mixed solution).

2.5. Effect of pH on Adsorption

Figure 12 shows the adsorption efficiencies of MSNPs–CAAQ at various pH values by
plotting the normalized adsorption efficiency at different pH values. The initial concentra-
tion and volume of Cr3+ ions were 250 mg/L and 50 mL; the mass of MSNPs–CAAQ was
1.0 g/L; and the pH value (1~8) of the aqueous solution was adjusted using HCl and NaOH
aqueous solutions. Figure 12 shows that the pH value of the aqueous solution has a great
influence on the adsorption efficiency of MSNPs–CAAQ. Below pH = 2.0, the adsorption
efficiency of Cr3+ ions was very low, which could be attributed to the electrostatic repulsion
between the positively charged Cr3+ ions and the protonated surface of MSNPs–CAAQ un-
der strong acidic conditions. However, the adsorption efficiency increased steeply starting
from pH = 3.0 and reached its maximum at around pH = 6.0, which could be attributed to
the formation of a metal complex on the MSNPs–CAAQ surface. The decrease at around
pH = 7.0 and 8.0 could be attributed to the dissociation of the loaded Cr3+ ions on the
MSNPs–CAAQ surface under strong basic conditions.
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Figure 12. Effect of pH on the adsorption of Cr3+ ions by MSNPs–CAAQ. (The adsorbent dose was
0.05 g; the initial concentration and volume of Cr3+ ions were 250 mg/L and 50 mL; t = 1.5 h; the
reaction temperature was 298.15 K).

2.6. Effect of Temperature on Adsorption

For chemical adsorption, the degree of adsorption for the adsorbent would increase
with the increase in adsorption reaction temperature, and the opposite rule would hold for
physical absorption. Therefore, the effects of temperature on the adsorption of Cr3+ ions
were investigated in the range of 298.15~338.15 K in this work. In Figure 13a, the adsorption
efficiency of the Cr3+ ion on MSNPs–CAAQ is shown to slowly increase with an increase in
temperature, which implies the possibility of a chemical–reaction–led adsorption process.
Moreover, these experimental data on adsorption were fitted using the Van’t Hoff equation,
as shown in Figure 13b. Moreover, thermodynamic parameters such as ∆H0 and ∆S0

were calculated and are summarized in Table 3. In Table 3, a highly associated correlation
coefficient (R2) of 0.9993 was obtained, suggesting the reliability of the thermodynamic
fitting result in this work. The positive value of ∆H0 (2.31 KJ/mol) indicates that the
adsorption reaction was endothermic, while the positive value of ∆S0 (45.00 J/mol·K)
implies that the disorder and randomness at the solid solution interface of the Cr3+ ion
with MSNPs–CAAQ increase during the adsorption process.

2.7. Adsorption Kinetics

The sorption kinetics of the Cr3+ ion onto MSNPs–CAAQ were tested with the
pseudo–first–order and pseudo–second–order kinetic models by plotting log(qe–qt) versus
t (Figure 14a) and plotting t/qt versus t (Figure 14b), and the kinetic parameters calculated
by fitting with these two models are listed in Table 4. In Table 4, the pseudo–second–order
equation showed a higher correlation coefficient (R2 = 0.9989) than that of the pseudo–
second–order equation (R2 = 0.9841). Moreover, the adsorption values calculated at equilib-
rium (qe,cal, 206.61 mg/g) from the pseudo–second–order kinetic model were much closer
to those of the experimental model (qe,exp, 191.8 mg/g). Therefore, the pseudo–second–
order model was more suitable for describing the adsorption kinetics of the Cr3+ ion onto
MSNPs–CAAQ, indicating that the chemisorption was the rate–controlling step during the
attachment process. Furthermore, the three plausible interaction modes of MSNPs–CAAQ
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with the Cr3+ ion that were proposed are shown in Figure 15, in which the Cr3+ ions were
selectively coordinated with carbonyl “O” and three “N” atoms. Similar coordination
modes have been reported previously [55–57].

Figure 13. (a) Effects of temperature on the adsorption efficiency of the Cr3+ ion on MSNPs–CAAQ;
(b) experimental data of adsorption of the Cr3+ ion at a set temperature of 298.15, 308.15, 318.15,
328.15, and 338.15 K on MSNPs–CAAQ fitted using the Van’t Hoff equation. (Adsorbent dose was
1.0 g/L; adsorbate dose was 300 mg/L; V = 50 mL; t = 1.5 h; no pH pre–adjustments).

Table 3. Thermodynamic parameters for the adsorption of Cr3+ ions onto MSNPs–CAAQ.

Van’t Hoff Thermodynamic Equation log qe
ce

=− ∆H0

2.303R× 1
T + ∆S0

2.303R

Parameters
∆H0 (KJ/mol) ∆S0 (J/mol·K) R2

2.31 45.00 0.9993

Figure 14. Linear fittings by (a) pseudo–first–order and (b) pseudo–second–order kinetic models for
the adsorption of Cr3+ ions onto MSNPs–CAAQ.
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Table 4. Kinetic parameters for the adsorption of Cr3+ ions onto MSNPs–CAAQ surfaces.

Kinetic Model Pseudo–First–Order
log(qe1,cal−qt)=− k1

2.303 t+logqe1,cal

Pseudo–Second–Order
t
qt

= 1
qe2,cal

t+ 1
k2q2

e2,cal

Parameters
qe1,cal (mg/g) K1 (1/h) R2 qe2,cal (mg/g) K1 (g/mg·h) R2

93.61 1.8801 0.9841 206.61 0.03839 0.9989

Figure 15. The proposed coordination modes between MSNPs–CAAQ and Cr3+ ions.

2.8. Desorption and Reusability

A suitable desorbing agent was needed for the quantitative recovery of the adsorbed
Cr3+ ions onto MSNPs–CAAQ. For this purpose, several desorbing agents with different
concentrations, including HCl, HNO3, and Na2EDTA, were examined and are shown in
Figure 16a–c, respectively. As observed in Figure 16a,b, the use of HCl and HNO3 with
concentrations of less than 0.10 mol/L did not quantitatively recover the retained Cr3+

ion. The higher concentration of HCl and HNO3 (0.20 mol/L) was effective, and HCl with
a concentration of 0.20 mol/L was more effective than the same concentration, as well
as HNO3; the desorption for Cr3+ ions could reach 95.6% for the first cycle. When using
Na2EDTA as a desorbing agent in Figure 16c, the higher concentration above 0.10 mol/L
was more effective than the low concentration of 0.05 mol/L, and the desorption for
Cr3+ ions could reach 97.5%. Therefore, based on the experimental results and economic
considerations, 0.2 mol/L HCl, 0.2 mol/L HNO3, and 0.1 mol/L Na2EDTA were selected
as the desorbing agents to desorpt HMIs on the surface of MSNPs–CAAQ.

The adsorption–desorption experiments were conducted using HCl, HNO3, and
Na2EDTA as the desorbing agents for six successive cycles at room temperature, and
the regenerated MSNPs–CAAQ was reused in the next cycle of adsorption experiments.
Figure 17a–c shows the regeneration plot of MSNPs–CAAQ for the re–adsorption of Cr3+

ions using HCl (0.2 mol/L), HNO3 (0.2 mol/L), and Na2EDTA (0.1 mol/L) as desorbing
agents, respectively. When using 0.2 mol/L HCl and 0.2 mol/L HNO3 as desorbing agents,
as shown in Figure 17a,b, the adsorption efficiencies of Cr3+ ions on regenerated MSNPs–
CAAQ were 91.6% and 83.3% in the first cycle and reduced to 50.3% and 38.9% after six
consecutive regeneration cycles. These results indicated that neither HCl nor HNO3 were
suitable desorbing agents for HMIs–loaded MSNPs–CAAQ, which could be due to the
deformation effects on the MSNPs–CAAQ sorbent surface during desorption and the mass
loss caused by demagnetization. When 0.1 mol/L Na2EDTA was used as an adsorbing
agent, as shown in Figure 17c, the adsorption efficiency of the first regenerated MSNPs–
CAAQ for Cr3+ ions reached 94.5%. Moreover, there was a certain degree of decline, but
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the removal efficiency for Cr3+ ions was maintained at 88.8% after six cycles, implying that
the as–synthesized MSNPs–CAAQ nano–sorbent has a great economic value.

Figure 16. Effect of some desorbing afents (a) HCl, (b) HNO3, and (c) Na2EDTA with different
concentrations (0.05~0.20 mol/L) on the desorption of Cr3+ ions from the MSNPs–CAAQ surface.

Figure 17. Effect of adsorbent regeneration times on the adsorption efficiencies using (a) 0.2 mol/L
HCl, (b) 0.2 mol/L HNO3, and (c) 0.1 mol/L Na2EDTA as desorbing agents. (Initial adsorbent was
1.0 g/L; Cr3+ concentration was 200 mg/L; V = 50 mL; desorption time was 12 h; re–adsorption time
was 1.5 h; 298.15 K).

3. Experimental Procedure
3.1. Starting Materials

FeCl2·4H2O (AR), FeCl3·6H2O (AR), tetraethyl orthosilicate (TEOS, >99.0%), 3–chloro
propyltrichlorosilane (CPTCS, >97.0%), triethylamine (99%), and EDTA disodium salt di-
hydrate (Na2EDTA, 99.999%) were obtained from Shanghai Macklin Biochemical Co., Ltd.
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(Shanghai, China). Methyltrichlorosilane (MTCS, >98.0%) and branched polyethylen-
imine (PEI, Mw ~25,000) were obtained from Tokyo (Shanghai, China) Chemical In-
dustry Co., Ltd. (Shanghai, China) and Sigma–Aldrich (Shanghai, China) Trading Co.,
Ltd. (Shanghai, China), respectively. Ethanol, hexane, dichloromethane, acetonitrile,
NH3·H2O (25~28 wt.%), and 8–aminoquinoline (98%) were purchased from Chengdu Ke-
long Chemical Co., Ltd. (Chengdu, China) and Shanghai Civi Chemical Technology Co.,
Ltd. (Shanghai, China), respectively. Chloroacetyl chloride (98%) was purchased from
Shanghai Xianding Biological Science and Technology Co., Ltd. (Shanghai, China).

3.2. Synthesis
3.2.1. Synthesis of Core–Shell MSNPs

Firstly, MNPs with hydroxyl groups (–OH) were synthesized based on a simple
chemical co–precipitation method. FeCl2·4H2O (10 mmol) and FeCl3·6H2O (20 mmol) were
dissolved into 120 mL of distilled water under an N2 atmosphere with mechanical stirring,
to which 60 mL of NH3·H2O was added; then, the mixture was heated to 70 ◦C and left for
30 min. After that, the precipitate was washed with distilled water and dispersed into a
solution of sodium citrate dihydrate (150 mL, 20 mmol/L) with mechanical stirring under
an N2 atmosphere for 12 h at room temperature. Subsequently, the citrate–modified MNPs
were washed with distilled water and ethanol.

Following that, the core–shell MSNPs were synthesized via hydrolysis and the con-
densation of TEOS onto the MNPs’ surface, as shown in Figure 18. A total of ~0.56 g
citrate–modified MNPs and 5.0 mL NH3·H2O were added to 120 mL ethanol under an
N2 atmosphere with mechanical stirring; then, 4.0 mL TEOS was added, and the mixture
was left for 8 h at room temperature. After this reaction, the as–synthesized MSNPs were
washed with ethanol.

Figure 18. Schematic diagram illustrating the processes of the synthesis of MSNPs and surface
modification with CAAQ onto MSNPs via a combined “grafting–from” and “grafting–to” approach;
3.3. synthesis of MSNPs–CAAQ using a three–step grafting strategy.

The core–shell MSNPs were modified with CAAQ to fabricate the network polymer
coating through a three–step grafting strategy involving MTCS/CPTCS’s co–modification,
PEI–grafting, and CAAQ–grafting. As shown in Figure 18, the as–synthesized MSNPs
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were first modified with MTCS and CPTCS to yield chlorine groups, which provided the
preconditions for subsequent surface modifications. Following that, the branched PEI
was grafted onto chlorine–modified MSNPs to equip them with amino–active functional
groups. Finally, the pre–synthesized CAAQ was immobilized onto MSNPs–PEI through
the coupling reactions between the amines and chlorine groups.

3.2.2. Synthesis of MTCS and CPTCS co–Modified MSNPs

MSNPs (~0.5 g), MTCS (17.6 mmol), and CPTCS (1.4 mmol) were added to 150 mL
of hexane, and the mixture was left for 24 h at room temperature in a hydrochloric acid
atmosphere. After that, the as–synthesized MTCS and CPTCS co–modified MSNPs (labeled
as MSNPs–MTCS/CPTCS) were washed with hexane, ethanol, and distilled water.

3.2.3. Synthesis of PEI–Modified MSNPs

The MSNPs–MTCS/CPTCS, PEI (1.0 mL), and methanol (5.0 mL) mentioned above
were added to 120 mL of distilled water with mechanical stirring under an N2 atmosphere,
and the mixture was left for 48 h at 65 ◦C. After that, the as–synthesized PEI–modified
MSNPs (labeled as MSNPs–PEI) were washed with distilled water.

3.2.4. Pre–Synthesis of CAAQ and Synthesis of CAAQ–Modified MSNPs by
“Grafting–to” Approach

CAAQ can be pre–synthesized by a simple organic reaction. Briefly, 16.4 mmol
8–aminoquinoline and 2.5 mL triethylamine were mixed in 100 mL dichloromethane in an ice
bath with magnetic stirring for 30 min in darkness. Then, 14.9 mmol of chloroacetyl chloride
was added, and the mixture was left for 48 h at room temperature. After reaction, the crude
products (8–chloroacetyl–aminoquinoline (CAAQ)) were collected by evaporating the solvent
and purified by silica column chromatography (VPetroleum ether/VEthylacetate = 3/1).

Finally, the pre–synthesized CAAQ was securely immobilized onto MSNPs–PEI
through a series of coupling reactions between the amines (–NH2) and chlorine (–Cl)
groups. The PEI–modified MSNPs discussed above and 5.4 mmol CAAQ were added to
110 mL acetonitrile with mechanical stirring, and the mixture was refluxed at 60 ◦C for 24 h
under N2 atmosphere. After further aging for 24 h, the CAAQ–modified MSNPs (labeled
as MSNPs–CAAQ) were collected and washed with acetonitrile and ethanol.

3.3. Characterization

The crystallographic phases of samples were characterized by X–ray diffraction (XRD,
DX–2700, Dandong, China). The morphology and size of samples were examined by trans-
mission electron microscopy (TEM, JEM–2100, Tokyo, Japan). Fourier transform infrared
spectra (FTIR) of samples were recorded on a Nicolet iS10 spectrometer (Thermo Scientific,
Waltham, MA, USA). X–ray photoelectron spectroscopy (XPS) analyses of samples were
performed using an ESCALAB 250Xi spectrometer (Thermo Scientific, Waltham, MA, USA).
Thermogravimetric (TG) curves of samples were collected by an SDT–2960 thermogravi-
metric instrument (TA Instruments, New Castle, DE, USA) at a heating rate of 10 ◦C/min
under a flow of air. The quantitative analyses of HMIs in the adsorption and desorption
experiments were performed using atomic absorption spectrometry (AAS, AA–6800, Shi-
madzu, Japan) and inductively coupled plasma mass spectrometry (ICP–MS, VG PQ ExCell,
Thermo Electron Co., Vallejo, CA, USA). The magnetic properties of samples were obtained
using a vibrating sample magnetometer (VSM, Lakeshore 7307, Novi, MI, USA) at room
temperature.

3.4. Adsorption Experiments

The adsorption characteristics of MSNPs–CAAQ nanocomposites were evaluated by
removing HMIs from simulated wastewaters; the selected HMIs included Ag+, Zn2+, Cu2+,
Co2+, Cd2+, Mn2+, Pb2+, Hg2+, Cr3+ and Fe3+ ions. A total of 0.05 g MSNPs–CAAQ was
dispersed into the set HMIs aqueous solution (50 mL, 50~500 mg/L). The mixture was
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stirred at a constant speed of 200 rpm at a set temperature of 298.15~338.15 K. After the
adsorption reaction occurred within a given time (t, t = 0~2.5 h), the particles were collected
by magnetic separation, and the concentrations of these HMIs in the supernatant were
measured using ICP–MS. The adsorption efficiency at time t (At, %) and equilibrium ad-
sorption amount (qm, mg/g) of HMIs were calculated using Equation (1) and Equation (2),
respectively.

At =
C0 − Ct

C0
× 100% (1)

qe =
(C0 − Ce)V

m
(2)

where C0 (mg/L) is the initial concentration of HMIs’ aqueous solution, Ct (mg/L) is the
concentration of HMIs at the given time t, m (g) is the mass of MSNPs–CAAQ, and V (L) is
the volume of the HMIs aqueous solution.

To investigate the adsorption mechanism between MSNPs–CAAQ and HMIs, the
experimental data were analyzed by the Langmuir isotherm model and the Freundlich
isotherm model using Equation (3) [58] and Equation (4) [59], respectively:

Ce

qe
=

1
qm

Ce +
1

KLqm
(3)

log qe =
1
n

log Ce + log KF (4)

where Ce (mg/L), qe (mg/g), and qm (mg/g) are the equilibrium concentration, equilibrium
quantity, and saturated adsorption amounts, respectively. KL and KF are the Langmuir
adsorption constants related to the affinity of the binding site and the Freundlich adsorption
constants related to the adsorption capacity, respectively, and n is the adsorption intensity.
Moreover, qm and KL can be evaluated by the plot of Ce/qe against Ce, while n and KF can
be evaluated by the plot of log (qe) against log (Ce).

To explore the thermodynamic characteristics of the adsorption process, the enthalpy
change (∆H0, KJ/mol) and entropy change (∆S0, J/mol·K) were calculated using the Van’t
Hoff plot using Equation (5) [60]. To investigate the kinetic characteristics of the adsorption
reaction, the experimental data of adsorption were evaluated by the pseudo–first–order
and pseudo–second–order models using Equations (6) and (7) [61], respectively.

log
qe

Ce
= − ∆H0

2.303R
× 1

T
+

∆S0

2.303R
(5)

where T (K) is the temperature of the adsorption reaction; R (J/mol·K) is the gas constant
per molecule.

log(qe1,cal − qt) = − k1

2.303
t + log qe1,cal (6)

where qe1, cal (mg/L), and k1 (1/h) are the calculated equilibrium adsorption amount and
the rate constant of the pseudo–first–order equation, respectively, which can be evaluated
by the plot of log(qe1,cal–qt) against t:

t
qt

=
1

qe2,cal
t +

1
k2q2

e2,cal
(7)

where qe2,cal (mg/L), and k2 (g/mg·h) are the calculated equilibrium adsorption amount
and the rate constant of the pseudo–second–order equation, respectively, which can be
evaluated by the plot of t/qt against t.
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3.5. Desorption and Reusability Experiments

In order to regenerate MSNPs–CAAQ nanocomposites, an elution step using a suitable
desorbing agent (HCl, HNO3, or Na2EDTA) was carried out after each adsorption cycle.
After the adsorption of the saturated HMIs, the HMIs–loaded MSNPs–CAAQ was exposed
to HCl, HNO3, or Na2EDTA solution with a desired concentration to allow for regenera-
tion for 12 h under continuous mechanical stirring and was then magnetically separated
from the water sample and washed several times with distilled water. The regenerated
MSNPs–CAAQ were reused in the next cycle of adsorption experiments, and the adsorption–
desorption experiments were conducted for six cycles at room temperature.

4. Conclusions

In summary, we presented a general strategy to synthesize network–polymer–modified
magnetic nanomaterials. First, we designed and synthesized core–shell MSNPs with a
~10 nm core and ~5.5 nm shell through the hydrolysis and condensation of TEOS onto
a single–crystal Fe3O4 seed. Following that, the core–shell MSNPs were modified with
CAAQ to fabricate the network polymer coating through a three–step grafting strategy,
in which polymer grafting was designed using a macromolecular polymer (PEI) to fab-
ricate an organic network onto the MSNPs surface and to serve as a bridge between the
surface hydroxyl group and CAAQ. The as–synthesized MSNPs–CAAQ nanocomposites
showed a strong magnetic response under an external magnet, which made it easier to
recycle quickly in practical applications. The adsorption experimental results indicated
that MSNPs–CAAQ had an excellent absorption capacity for HMIs due to their abundant
end–reactive functional groups: the saturated adsorption amounts of Fe3+, Cu2+ and Cr3+

ions were 324.7, 306.8, and 293.3 mg/g, respectively, according to the Langmuir linear
fitting. Moreover, MSNPs–CAAQ also exhibited universal adsorption capacities for Zn2+,
Mn2+, and Pb2+ ions, with adsorption efficiencies over 70%. The adsorption isotherm for
the Cr3+ ion fitted the experimental data well when using the Langmuir isotherm model,
and its adsorption kinetics could be described by the pseudo–second–order equation.
More importantly, Na2EDTA (0.10 mol/L) was more suitable as a desorbing agent for
MSNPs–CAAQ regeneration than HCl (0.20 mol/L) and HNO3 (0.20 mol/L). Additionally,
the adsorption efficiency of the Cr3+ ion on regenerated MSNPs–CAAQ could still be
maintained at 88.8% after six adsorption–desorption cycles, showing the high economic
value of the as–synthesized MSNPs–CAAQ nano–sorbent. Moreover, our design provides
a general strategy for the fabrication of high–performance HMIs absorbents and can easily
be extended to other absorption materials for actual applications.
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Abstract: The interface connects the reinforced phase and the matrix of materials, with its microstruc-
ture and interfacial configurations directly impacting the overall performance of composites. In this
study, utilizing seven atomic layers of Mg(0001) and Ti(0001) surface slab models, four different
Mg(0001)/Ti(0001) interfaces with varying atomic stacking configurations were constructed. The
calculated interface adhesion energy and electronic bonding information of the Mg(0001)/Ti(0001)
interface reveal that the HCP2 interface configuration exhibits the best stability. Moreover, Si, Ca,
Sc, V, Cr, Mn, Fe, Cu, Zn, Y, Zr, Nb, Mo, Sn, La, Ce, Nd, and Gd elements are introduced into
the Mg/Ti interface layer or interfacial sublayer of the HCP2 configurations, and their interfacial
segregation behavior is investigated systematically. The results indicate that Gd atom doping in the
Mg(0001)/Ti(0001) interface exhibits the smallest heat of segregation, with a value of −5.83 eV. How-
ever, Ca and La atom doping in the Mg(0001)/Ti(0001) interface show larger heat of segregation, with
values of 0.84 and 0.63 eV, respectively. This implies that the Gd atom exhibits a higher propensity
to segregate at the interface, whereas the Ca and La atoms are less inclined to segregate. Moreover,
the electronic density is thoroughly analyzed to elucidate the interfacial segregation behavior. The
research findings presented in this paper offer valuable guidance and insights for designing the
composition of magnesium-based composites.

Keywords: Mg/Ti interface; elastic anisotropy; interface segregation; electronic properties; alloying
elements

1. Introduction

Magnesium (Mg) alloys are referred to as the “green engineering materials of the
21st century” owing to their numerous outstanding properties, including superior specific
strength, specific stiffness, excellent machinability, and environmental friendliness [1–5].
Consequently, they have garnered considerable attention and hold significant potential
for applications in high-performance automotive, aerospace, hydrogen storage, and 3C
industries [6–10]. However, in comparison to traditional materials such as aluminum alloys,
Mg alloys feature a hexagonal close-packed (HCP) crystal structure with a limited number
of slip systems, leading to a limited plastic deformation capability [11]; they also face
challenges such as low modulus and poor formability. This limitation significantly impedes
the industrial utilization of Mg alloys [12]. Developing and applying high-performance
Mg alloys is crucial for bolstering and advancing the Mg alloy industry, as well as boosting
manufacturing competitiveness.

Scholars in pertinent research have concentrated on enhancing the overall perfor-
mance of Mg alloy materials through strategies like compositional design, alloying with
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trace elements, and employing heat treatment processes [13]. The in situ formation or the
incorporation of particles is also a potent method for boosting the strength and elastic
modulus (stiffness) of Mg alloys [14,15]. This involves incorporating a second phase with
high modulus, good toughness, high thermal stability, and excellent dynamic stability to
improve the strength, modulus, and stability of Mg alloys. Whether it is externally added
particles or in situ formed second phases, interfaces are formed between the enhance-
ment phase and the Mg matrix, and the microstructure and interface bonding strength
significantly affect the performance of Mg-based composite materials [16]. Ceramic par-
ticle reinforcements (like SiC, Al2O3, B4C, TiC, TiB2, etc.) are widely used in Mg-based
composite materials [17–19]. Ding et al. [20] prepared CNTs@SiC/Mg-6Zn composites
through chemical vapor deposition, semi-solid stirring combined with ultrasonic treatment,
and hot extrusion deformation. Their finding revealed that while the yield strength of
the composite rose from 154 MPa to 218 MPa, its room-temperature fracture elongation
decreased from 15.6% to 6.1%. Although the addition of ceramic particles can enhance
the corrosion resistance, strength, wear resistance, and modulus of Mg-based composite
materials, it can also lead to a decrease in material fracture toughness (some composites
have an elongation below 1%) due to their low plastic formability and poor thermal phys-
ical compatibility at the interface. Moreover, such an utterly incoherent interface easily
generates stress concentration, leading to the initiation of microcracks. On the other hand,
the ceramic reinforcement itself is a brittle phase, resulting in a low plasticity in Mg-based
composites, making industrial application of such materials quite challenging. Therefore,
finding reinforcements with high plastic deformation capability that closely match the
Mg’s crystallographic and physical characteristics is a potential method for enhancing the
strength, plasticity, and modulus of Mg-based composites.

Numerous experimental results also demonstrate that titanium (Ti) can effectively
enhance the strength and plasticity of Mg-based composite materials [21]. Perez et al. [22]
prepared Mg-10(vol.%)Ti composite materials using powder metallurgy forming com-
bined with hot extrusion deformation. The tensile strength at room temperature was
measured to be 160 MPa, with an elongation of 8%. Furthermore, Wu et al. [23] developed
Ti particle-reinforced Mg-based composite materials, where Ti particles form interfaces
with the Mg alloy matrix featuring an elementally graded distribution structure. This
composite material achieves a tensile strength of 327 MPa and an elongation of 20.4%. In
addition, some researchers have utilized first-principles calculations to probe the interfacial
properties between ceramic reinforcements (or second phases) and the Mg matrix (such as
Mg/TiC, Mg/AlN, Mg/ZnO, Mg/Al2MgC2, Mg/Mg2Sn, Mg/Al4C3, Mg/TiB2, Mg/ZrB2,
Mg/Ti2AlC, Mg/Al2MgC2, Mg/Al2CO, etc.) [24–33]. Furthermore, the dynamic stability
of some second phases was assessed through phonon spectrum analysis. The calculation re-
sults of elastic properties indicate these phases possess a high Young’s modulus, suggesting
their potential as reinforcing phases. Moreover, some researchers have studied the stability
and elastic properties of binary (60.51 GPa for Young’s modulus in Mg2Sn phase, 71–94 GPa
for Young’s modulus in Mg17Al12 phase) or ternary phases (72.15–98.27 GPa for Young’s
modulus in Mg32(Al,Zn)49 phase with different Al:Zn atomic ratio) in magnesium alloys or
Mg-based composites [34–36]. There are also studies on Mg matrix composites reinforced
with heterogeneous metals. For example, the adhesion strength and interfacial bonding
of various Mg/X (X = Ti, Zr, Hf, V, Nd, Cr, Mo, Mn, and Fe) interface configurations
were investigated by Bao et al. [37]. Relevant studies have shown that Ti, with its HCP
structure matching that of Mg, can form a coherent Mg/Ti interface, thereby contributing
to the enhancement of the Mg alloys’ comprehensive performance. Additionally, Ti and
Mg do not mix at equilibrium, indicating that there is no reaction between Ti and Mg
elements, thereby inhibiting the formation of brittle intermetallic compounds at the Mg-Ti
interface. This formable Ti forms a strong interface bond with Mg and exhibits fewer
internal defects, thus better enhancing the material’s properties. However, the segregation
behavior of common alloying elements in Mg/Ti interfaces is still poorly understood.
This work employs the first-principles calculations method to establish various interface
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configurations between the heterogeneous metal Ti and Mg matrix. Additionally, low-cost
alloying elements and rare earth elements are introduced at the interface to investigate
their segregation behavior. This research provides valuable insights into the development
of heterogeneous metal-reinforced Mg-based composite materials.

2. Results and Discussion
2.1. Bulk and Surface Properties

The equilibrium crystal structures after geometric optimization of pure Mg and Ti are
depicted in Figure 1a,b, and the green and gray spheres denote Mg and Ti atoms, respec-
tively. The Mg has the HCP structure with a space group of P63/mmc, featuring only one
standard Wyckoff site, namely 2c (0.67, 0.33, 0.75). The optimized lattice parameters of Mg
are approximately a = b = 3.19 Å and c = 5.29 Å, which closely match experimental values
(a = b = 3.210 Å and c = 5.211 Å; a = b = 3.209 Å, c = 5.171 Å) and other computational results
(a = b = 3.159~3.228 Å and c = 5.073~5.186 Å) [31,38,39]. For titanium (Ti), generally, there
are two allotropes of α-phase (with HCP structure) and the β-phase (with BCC structure),
and the critical temperature of the phase transition is approximately 882.5 ◦C [40]. Consid-
ering the actual service of Mg alloys, the temperature is below 882.5 ◦C; therefore, α-Ti is
chosen in this work. Moreover, α-Ti belongs to the P63/mmc space group, with theoretical
lattice constants of a = b = 2.94 Å, c = 4.64 Å, α = β = 90◦, and γ = 120◦ [41], where the
Wyckoff position for Ti atoms is 2c(1/3, 2/3, 1/4). The calculated lattice parameters of
this phase are a = b = 2.91 Å, c = 4.59 Å, α = β = 90◦, and γ = 120◦, respectively. It can
be observed that the lattice constants obtained through GGA + PBE calculations exhibit a
variation of approximately 1.03% compared to the theoretical values, showing the validity
of the selected parameters. In addition, the calculated c/a ratio for α-Ti is approximately
1.57, while for Mg, it is 1.65, indicating that α-Ti has a better formability than Mg [42,43],
which is advantageous for enhancing the formability of Mg alloys.
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Figure 1. (a,b) The equilibrium crystal structures after geometric optimization of Mg and Ti,
(c,d) Phonon spectra and phonon density of state of Mg and Ti, where green and gray spheres
represent Mg and Ti atoms, respectively.

Phonon calculations of Mg and Ti offer a criterion for the stability of crystals. Specifi-
cally, in any high-symmetry dispersion, the absence of imaginary frequencies serves as an
indicator that the crystal structure is dynamically stable. The calculated phonon spectra
and phonon density of states for pure Mg and Ti with HCP structures are illustrated in
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Figure 1c,d, with the phonon spectrum path being G-A-H-K-G-M-L-H. It can be observed
from Figure 1 that the long-range coulomb interaction in the phonon spectrum results in
higher frequencies for the longitudinal optical branches compared to the transverse optical
branches. In other words, at the high-symmetry point G, the three phonon spectra with
relatively lower frequencies correspond to acoustic phonon branches, while the spectra
with relatively higher frequencies correspond to optical phonon branches. The phonon
spectra, furthermore, do not contain imaginary frequencies at any high-symmetry point,
showing that both Mg and Ti are dynamically stable. Additionally, the calculated phonon
density of states, as presented in Figure 1c,d, reveals that the phonon spectra are primarily
distributed within the frequency range of 2–8 THz. Moreover, the distribution of phonon
spectra is similar, with only slight variations in trends around local high-symmetry points.
For example, at the K high-symmetry point, the frequencies of Ti are notably higher than
those of Mg. Noticeably, the vibrational spectrum of the phonon density of states for Mg
atoms is higher than that for Ti atoms due to the lower mass of Mg atoms compared to Ti
atoms, with both falling below 0.4 1/THz.

To investigate the mechanical properties of pure Mg and Ti, we employed the stress–
strain method to predict the elastic stiffness matrix for each phase [44,45]. Subsequently,
using the Voigt–Ruess–Hill approximation method [46], we derive the elastic constants
(Cij), elastic modulus, and hardness, as depicted in Figure 2a–c. It is important to note
that the formulas for calculating elastic modulus, Poisson’s ratio, and hardness can be
found in Bao et al.’s work [47]. Noticeably, both the elastic constants and elastic modulus,
as well as the hardness of Ti, are significantly greater than those of Mg, showing it has a
strengthening effect in Mg alloys. The calculated Young’s modulus of Ti is ~153.4 GPa,
significantly higher than Mg’s 43.9 GPa (close to the experimental value of ~45 GPa [48]),
and higher than other binary or ternary phases (like Al2Gd (144.2 GPa), Mg2Gd5 (74.8 GPa),
Mg24Y5 (66.6 GPa), MgZn (79.1 GPa), Al2Ca (94.34 GPa), β′-Mg7Tb (57.1 GPa), Al2Li3
(125.4 GPa), Al3CuCe (82.2 GPa), and Mg3(MnAl9)2 (125.6 GPa) [49–53], indicating that Ti
plays a positive role in enhancing the modulus of Mg alloys. The C11 value for Ti is the
highest, with approximately 205.9 GPa, suggesting that Ti exhibits better incompressibility
than Mg (~55.4 GPa for C11). This implies that it is more resistant to compression along the
a-axis (ε11 direction) under uniaxial stress. The smaller C11 of Mg (approximately 19.9 GPa)
indicates that Mg is more susceptible to shear deformation on the (100) crystal plane than
Ti. Moreover, the predicted hardness values by Chen’s and Tian’s models are displayed
in Figure 2c. Furthermore, the hardness of Ti predicted by both models is greater than
that of Mg. According to Tian’s model, the hardness values of Ti and Mg are 7.72 and
2.71 GPa, respectively, representing a difference of about three times. The Poisson’s ratio,
Cauchy pressure, and bulk modulus to shear modulus (B/G) ratio can all serve to assess
the brittleness and toughness of materials. Generally, the critical values for brittleness and
toughness of the Poisson ratio and B/G ratio are 0.26 and 1.75, respectively. Observations
from Figure 2d reveal that the B/G and Poisson’s ratios (v) of pure Ti are marginally higher
than those of pure Mg, suggesting a slightly superior plasticity in Ti compared to Mg.
Nonetheless, both Ti and Mg exhibit calculated values around 0.30, indicating similar
metallic characteristics. Additionally, using the Cauchy pressure (C12–C44) to assess their
ductility, it is evident that the Cauchy pressure of Ti is much greater than that of Mg,
indicating that Ti has a better plastic deformation capability.

The anisotropy indices of Mg and Ti, obtained through DFT calculations, are depicted
in Figure 3, and the specific elastic anisotropy calculation formulas can be described in
the works of Ranganathan et al. [54]. The calculated anisotropy indices AU, AB, and AG,
and the shear anisotropy indices (A1, A2, and A3) are depicted in Figure 3a,b. Analysis
from Figure 3a,b reveal that Mg exhibits greater anisotropy than Ti, with AU values of
0.34 and 0.15 for Mg and Ti, respectively. The anisotropy of Mg is approximately twice
that of Ti. The shear anisotropy factor values for Mg, A1, A2, and A3 are 1.01, 1.01, and
1.61, respectively, which are greater than Ti’s shear anisotropy indices (A1 = A2 = 0.72
and A3 = 0.71), indicating Mg exhibits a more noticeable shear anisotropy. The three-
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dimensional (3D) surface plots of Young’s modulus anisotropy for Mg and Ti, moreover, are
represented in Figure 3c,d. It can be observed from the figures that the 3D plots of Young’s
modulus of Mg and Ti deviate from sphericity, indicating their anisotropic. Noticeably, 3D
plots of Young’s modulus for Mg exhibit more deviation from sphericity compared to Ti,
suggesting that the anisotropy of Young’s modulus for Mg is stronger than that of Ti, which
aligns with the results of our calculated anisotropy index of AU. In addition, Figure 3e,f
illustrate the two-dimensional (2D) projections of Young’s modulus anisotropy for Mg
and Ti. Overall, the 2D of Ti’s Young’s modulus exhibits smaller differences in different
directions compared to Mg’s projection. This indicates that Ti has a lower anisotropy. The
anisotropic Young’s modulus results mentioned above play a critical role in designing
the texture of Mg alloys. They have important implications for the design of laminated
composite panels or Mg-based composite materials reinforced with heterogeneous metals.
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Before performing interface calculations, it is necessary to relax and compute the Mg
and Ti surfaces. Generally, the greater the number of atoms in the surface model, signifying
more layers of atoms, the closer the properties exhibited by the surface will be to those of
the bulk material. Additionally, when constructing the model, it is essential to consider
the computational capability of the server and ensure that both surfaces approximate
the properties of the bulk material. Considering the space group symmetry and lattice
matching of Mg and Ti, the (0001) surfaces of Mg and Ti are cleaved based on bulk phases,
and a 2 × 2 supercell is created. Previous literature suggests that a slab model consisting of
seven atomic layers of Mg is adequate to portray bulk-like properties. Similarly, a 2 × 2
supercell model with seven atomic layers of Ti is also deemed sufficient to capture bulk-like
properties [55]. The Mg(0001) and Ti(0001) surface configurations with top and side views
are displayed in Figure 4. Noticeably, the Mg(0001) and Ti(0001) surface slab models consist
of 28 Mg atoms and 28 Ti atoms, with each layer containing either 4 Mg atoms or 4 Ti atoms.
The relaxed lattice constants for the Mg(0001) slab model are as follows: a = b = 6.45 Å,
c = 30.45 Å; α = β = 90◦, γ = 120◦. Similarly, for the Ti(0001) slab model, the relaxed lattice
constants are: a = b = 5.92 Å, c = 28.74 Å; α = β = 90◦, γ = 120◦. Notably, both structures
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demonstrate matching in lattice parameters and angles, facilitating the establishment of
interface models.
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2.2. Properties of the Mg/Ti Interface
2.2.1. Interfacial Configuration

Establishing the interface model requires consideration of the phase matching at the
interface, and the mismatch of lattice parameters and angles must be calculated [56–58].
Furthermore, Ti with an HCP crystal structure possesses a higher Young’s modulus of
approximately 153.4 GPa and a lower anisotropy, which can serve as a reinforcement
material. Based on the dynamic stability of the bulk material, we optimize the lattice
constants of the bulk Mg and Ti and establish the interface structure based on the lattice
constants of the bulk material. Exactly, the lower the mismatch at the interface is, the better
the interface matching is [59]. Through a comparison of the lattice constants, surface, and
interface areas of Mg and Ti, it was found that the interfacial mismatch was less than 5%,
showing good interface matching [60,61]. There are four different configurations in the
Mg/Ti interface, namely, OT, MT, HCP1, and HCP2, as shown in Figure 5. Specifically,
the OT configuration indicates that Mg atoms at the interface are directly positioned on
top of the first layer of Ti(0001) atoms. The MT configuration depicts Mg atoms at the
interface located above the midpoint of the atomic connections in the first layer of Ti(0001)
atoms. The HCP1 configuration shows Mg atoms at the interface situated in the polyhedral
vacancies of the first layer of Ti(0001) atoms. Lastly, the HCP2 configuration illustrates Ti
atoms at the interface occupying the polyhedral vacancies of the first layer of Mg(0001)
atoms. The interface configurations of Mg(0001)/Ti(0001) with different atomic stacking
sequences are illustrated in Figure 5. Here, (a, c, e, g) represent the main views of the
interface stacking models. In contrast, (b, d, f, g) depict the top views of the interface
stacking models. Additionally, the red dashed line represents the interface between Mg
and Ti, where the area above the red line indicates the Ti(0001) surface, and the area below
the red line represents the Mg(0001) surface.
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The interface adhesion energy (Wad) is the reversible work per unit area required to
separate the Mg(0001)/Ti(0001) interface between condensed phases Mg(0001) and Ti(0001)
to generate two free surfaces, which denotes [62,63]:

Wad = (Eslab
Mg + Eslab

Ti − Einter f ace
Mg/Ti )/Ai (1)
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where the Eslab
Mg and Eslab

Ti are total energies of a seven-layer Mg(0001) and seven-layer

Ti(0001) free surface, Einter f ace
Mg/Ti is the total energy of interface, and Ai represents the inter-

face area of Mg(0001)/Ti(0001) interface. In general, the interfacial distance significantly
influences the interface performance. Hence, it is essential to conduct tests to evaluate
the interfacial distance [24,64]. On the other hand, the purpose of testing the interface
distance is to understand the approximate bonding length, which can be expressed by the
following formula:

Wad(d) = −Wad

[
1 +

(d− d0)

l

]
exp

[
− (d− d0)

l

]
(2)

where Wad is the ideal interface adhesion energy of the Mg(0001)/Ti(0001) interface. d0
and d represent the equilibrium interface separate value and the interfacial separation
distance between the Mg(0001) and Ti(0001) slabs, and l is a Thomas–Fermi screening
length. The interface total energy and the ideal interface adhesion energy (Wad) for various
stacking models of Mg(0001)/Ti(0001) fluctuate with the separation distance of the Mg/Ti
interface, as described in Figure 6. It is clear that the total interfacial energy of various
atomic interface configurations of Mg(0001) and Ti(0001) decreases as the interface distance
increases. Beyond a separation distance of 2.5 Å, the interfacial total energy tends to level off.
Due to the energies of Mg(0001) and Ti(0001) surfaces, the area Ai remains constant, with
only the total energy of the Mg/Ti interface with different atomic configurations varying.
As a result, Figure 6a,b exhibit similar shapes of the curves. Moreover, the OT model’s
interfacial total energy variation is relatively larger than the other configurations. The Wad
exhibits an opposite trend as the interface distance increases. Initially, Wad increases with
the interface distance and then stabilizes within the 1.5 to 4.5 Å separation distance between
the two rigid free surfaces. Therefore, the interface distance can be around 2.5 Å, according
to the analysis of Figure 6. Additionally, based on the predicted interface distance, the
lattice parameters a, b, and the three angles of the interface were fixed while atoms were
relaxed. The interfacial properties and the effect of alloying elements on the interface were
then calculated.
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2.2.2. Interfacial Segregation Behavior and Interfacial Adhesion Work

To investigate the influence of different alloying elements on interface properties and
consider the solubility of trace alloying elements, we further expanded the aforementioned
models using a 2 × 1 supercell method, achieving an approximate alloy concentration of
1%. Here, the most stable Mg(0001)/Ti(0001) interface with HCP2 configuration is chosen
to investigate the influence of different alloying elements on its interfacial segregation
behavior and stability. In the doped model, the total number of atoms is 112, including
56 Mg atoms, 55 Ti atoms, and one alloying element TM commonly found in Mg alloys
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(TM = Si, Ca, Sc, V, Cr, Mn, Fe, Cu, Zn, Y, Zr, Nb, Mo, Sn, La, Ce, Nd, and Gd), as shown in
Figure 7, in which the green and gray spheres represent Mg and Ti atoms, respectively, and
the red sphere represents the alloying atom TM. Based on the Wyckoff positions of Ti and
Mg atoms in the bulk phase, it can be inferred that Ti or Mg atoms in the Mg(0001)/Ti(0001)
interface models are equivalent. In the pure Mg(0001)/Ti(0001) interface model, one Ti
atom is substituted by an alloying element TM, creating a doped model. Since the alloy
concentration is approximately 1%, corresponding to a dilute model, its influence on lattice
constants is negligible. Consequently, the interface distance is also approximately 2.5 Å.
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The heat of segregation is an important indicator for characterizing the preference of
alloying atom positions. It can also characterize the difficulty of segregation of atoms at a
specific position in the interface models. The heat of segregation (∆Eseg) typically reflects
the difficulty of alloy element segregation at the interface, as shown in Formula (3) [65–67]:

∆Eseg =
1
n

(
Einter f ace

Mg/Ti−TM − Einter f ace
Mg/Ti + nµTi − nµTM

)
(3)

In Formula (3), Einter f ace
Mg/Ti−TM is the total energy after adding the alloying element on the

interface Ti layer and Ti sub-surface layer of the Mg/Ti interface, Einter f ace
Mg/Ti represents the

total energy of the pure interface, µTi and µTM represent the chemical potential of Ti and
alloying element, which satisfy the following relationship [68,69]: µTM = Ebulk

TM /nx, and
n represents the number of alloying element. Since we are considering only one alloying
atom, n = 1 in this case. In general, a positive ∆Eseg suggests that the alloying element is less
likely to segregate at the interface, while a negative ∆Eseg indicates a higher likelihood of
segregation [70–72]. To investigate the interfacial segregation behavior of various alloying
elements at the Mg(0001)/Ti(0001) interface, an alloy atom should be introduced into either
the Ti layer or Ti sub-surface layer at the interface. Figure 8a depicts the calculated ∆Eseg
values for various alloying elements at the interface. The findings reveal notable disparities
in the heat of segregation, implying that these elements have the capability to segregate at
the interface and impact its characteristics, even at low concentrations. Among them, after
doping Gd atoms into the first layer of Ti atoms for the Mg(0001)/Ti(0001) interface, which
exhibits the minimum ∆Eseg of approximately −5.83 eV. This suggests that, compared to
other elements, Gd is most likely to segregate at this position. However, after doping Ca
and La atoms into the first layer of Ti atoms, the interface exhibits larger ∆Eseg with values
of 0.84 eV and 0.63 eV, respectively. This indicates that, compared to other alloying atoms,

34



Molecules 2024, 29, 4138

Ca and La atoms are less likely to segregate at the interface. Additionally, after doping
alloying elements such as V, Cr, Mn, and Nb, the ∆Eseg values are positive, suggesting a
more incredible difficulty in segregation at the interface. The heat of segregation of interface
layer Ti atoms after doping different alloying atoms at the Mg(0001)/Ti(0001) interface
follows the following order: Gd > Si > Sn > Nd > Cu > Ce > Zn > Sc > Fe > Zr > Mo
> Mn > Y > V > Nb > Cr > La > Ca. Similarly, we have also calculated the ∆Eseg of the
second outermost layer Ti atoms at the Mg(0001)/Ti(0001) interface following the doping of
various alloying elements. The outcomes mirror those observed for doping at the interface
layer Ti atoms, demonstrating the following order: Gd > Si > Sn > Nd > Fe > Cu > Sc >
Mn > Zn > Ce > Zr > Mo > Nb > V > Cr > Y > La > Ca. Comparing the ∆Eseg values at
the positions of the first or second outermost layer Ti atoms, it is evident that Gd, Si, Sn,
and Nd are prone to segregation, whereas alloying elements like Ca, La, Cr, and V are less
likely to undergo segregation. The segregation behavior of the aforementioned alloying
elements at the Mg/Ti interface provides valuable guidance for designing and selecting
heterogeneous metal Ti-reinforced Mg-based composite materials.
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Figure 8. The heat of segregation (∆Eseg) (a) and work of adhesion (Wad) (b) of Mg(0001)/Ti(0001)
interface with different alloy elements doping the first layer and the sub-surface layer of Ti atoms,
and the dashed lines in (b) represent the Wad of pure Mg/Ti interface.

After doping alloying elements to the Mg/Ti interface, the Wad can be used as:

Wad = (Eslab
Mg + Eslab

Ti−TM − Einter f ace
Mg/Ti−TM)/Ai (4)

where the Eslab
Ti−TM is total energy of a seven-layer Ti(0001) free surface after adding an alloying

element, Einter f ace
Mg/Ti−TM is the total energy of the Mg/Ti interface after adding an alloying element.

Figure 8b illustrates the Wad of the Mg(0001)/Ti(0001) interfaces after the introduction of
alloying elements. The dashed line within the figure represents the magnitude of Wad for
the pure Mg(0001)/Ti(0001) interface. Generally, the larger the Wad of the interface is, the
stronger the cohesive strength of interface atoms is, whereas the opposite scenario indicates
a weakening of cohesive strength. Further analysis reveals that, besides Gd, the doping of
alloying elements such as Sc, V, Y, Zr, Nb, and Mo also leads to a slight increase in the Wad
of the Mg(0001)/Ti(0001) interface. This indicates that these alloying elements also have a
strengthening effect on the cohesive strength of the interface to some extent.

2.2.3. Electronic Structure

It utilizes first-principles methods to examine the electronic structure of the pure Mg/Ti
interface and doping Mg/Ti interface configurations, allowing for a detailed exploration
of atomic electron levels and revealing the fundamental nature of crystal structures. This
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capability is one of the key advantages of first-principles calculations, offering valuable
insights for the advancement of materials design and engineering. The total and partial
density of states for different interface configurations of the Mg(0001)/Ti(0001) are depicted
in Figure 9. Evidently, based on the total density of states near the Fermi level (EF), all the
Mg(0001)/Ti(0001) interface configurations exhibit metallic properties. The total density of
states shows little variation across different configurations. Since the primary performance
differences arise from variations in the electronic configurations near the Fermi level, the
partial density of states from −9 eV to 3 eV can be plotted, as shown in Figure 9b–e. The
density of states near EF is predominantly influenced by Mg-p and Ti-d states. Notably,
structural properties, such as cohesion, elastic constants, and interface energy, are primarily
associated with the d-band within the Ti atoms. For the Mg/Ti interface with OT, MT,
HCP1, and HCP2 configurations, it is evident that around the energy of −3 eV, there is a
clear overlap between Mg-s and Ti-p orbitals, indicating the presence of sp hybridization.
Moreover, to clearly see the difference in the density of states near the EF, we magnified
the density of states in Figure 9a near the EF, as shown in Figure 9(a1). Noticeably, it is
apparent that the total density of states near the EF is lowest for the Mg(0001)/Ti(0001)
interface with the HCP2 configuration, suggesting its highest stability. This correlates with
the previously computed results for the Wad.
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Figure 9. The total density of states (a) (where (a1) is a magnified view of (a) near the Fermi level) and
partial density of states (b–e) with different interface configurations for the Mg(0001)/Ti(0001) interface.
(b) OT configuration, (c) MT configuration, (d) HCP1 configuration, and (e) HCP2 configuration.

The electronic structure determines the mechanical properties of the Mg/Ti inter-
faces. To comprehend the microscopic mechanisms that govern the interface properties
of Mg(0001)/Ti(0001), the interface’s charge density difference was plotted, as depicted
in Figure 10. We can observe from Figure 10 that the degree of localization near Ti atoms
is higher compared to that near Mg atoms, indicating a higher degree of delocalization
near Mg atoms. Furthermore, among all interface configuration structures, the HCP2
interface exhibits a higher localization at the interface, indicating stronger metallic bonding
between Mg and Ti and, thus, a more stable interface structure. Furthermore, to analyze
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the influence of different alloying elements on the interfacial segregation behavior of the
Mg(0001)/Ti(0001) interface, several typical alloying elements (including Ca, La, Cu, and
Ce) are chosen, and the charge density difference in these interface models after doping
is analyzed. The specific results are depicted in Figures 11 and 12. The red dashed line in
Figures 11 and 12 represents the interface position, where the section on the right side cor-
responds to the Ti(0001) layer, and the section on the left side corresponds to the Mg(0001)
layer. Indeed, it is clear that the region surrounding Ti atoms is depicted in red, whereas the
area surrounding Mg atoms is shown in blue, suggesting that Ti atoms gain electrons while
Mg atoms lose electrons. Compared to the interface electronic structure without doping, the
distribution of electron clouds changes when introducing different alloying elements to the
interface. Additionally, it can be observed that the delocalization around Ca atoms is more
significant than that around Ce, Cu, and La atoms, and there is partial overlap between
the electron clouds of Mg and Ca atoms, indicating the formation of strong metallic bonds
between Ca atoms and Ti or Mg, thereby enhancing the interface. However, the charge
density difference plots of Mg(0001)/Ti(0001) interfaces with different alloying elements
doped near the sub-surface Ti atoms are notably different from those doped near the sur-
face Ti atoms. The electronic structure around the second layer of Ti atoms has undergone
significant changes, indicating the formation of TM-Ti bonds. It can be observed that the
area surrounding Cu atoms is encapsulated by blue spherical shapes, while the region
around Ce atoms exhibits a symmetric distribution resembling “petals”, which is related to
the waveforms associated with Ce atom’s d orbitals. Exactly during plastic deformation, the
non-spherical distribution of electrons serves as a barrier, hindering the material’s plastic
deformation and ultimately improving its mechanical properties. In all interfaces, electrons
around the bulk Mg atoms transfer to the Mg atoms at the interface, weakening the metallic
characteristics of Mg-Mg bonds and strengthening their ionic characteristics, leading to
increased stability of the interface structure.
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3. Computational Method Details

The first-principles calculations of the bulk and surface properties of Mg and Ti, as well
as interface properties of Mg/Ti composites, were conducted using the density functional
theory (DFT) within the framework of the Cambridge Serial Total Energy Package Code
(CASTEP) [73]. Additionally, the segregation behavior of alloying elements Si, Ca, Sc,
V, Cr, Mn, Fe, Cu, Zn, Y, Zr, Nb, Mo, Sn, La, Ce, Nd, and Gd at the interfaces was
investigated systematically [65,74]. The interaction between valence electrons and ion
cores was characterized using ultrasoft pseudopotentials (USPPs) [75]. For Mg, Ti, and
the aforementioned alloying elements, their respective valence electron configurations
were as: 2p63s2, 3s23p63d24s2, 3s23p2, 3s23p64s2, 3s23p63d14s2, 3s23p63d34s2, 3s23p63d54s1,
3d54s2, 3d64s2, 3d104s1, 3d104s2, 4d15s2, 4s24p64d25s2, 4s24p64d45s1, 4s24p64d55s1, 5s25p2,
5s25p65d16s2, 4f 15s25p65d16s2, 4f 45s25p66s2 and 4f 75s25p65d16s2, respectively. To achieve
convergence and ensure computational accuracy, the maximum kinetic energy cutoff for the
expansion of plane waves in reciprocal space was established at 450 eV. For bulk Mg and Ti,
a 9 × 9 × 9 grid of k points was chosen for sampling the first Brillouin zone (BZ). For the
Mg(0001) and Ti(0001) surfaces, the k point was set as 7 × 7 × 1 to ensure the convergence.
The Mg/Ti interface models with different atomic stacking sequences were built using a
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2 × 2 supercell model to guarantee periodic boundary conditions, which contained 56 Mg
and 56 Ti atoms, and the interface models had 4 × 2 × 1 k points. Moreover, the Mg(0001)
and Ti(0001) surface slab models with a 2 × 2 supercell model consisting of seven atomic
layers were adopted to establish the Mg(0001)/Ti(0001) interface models with different
atomic stacking sequences according to our previous work [76]. Additionally, a vacuum
region of 15 Å was employed to eliminate interactions between atoms at the interface. In
addition, to achieve equilibrium in the bulk, surface, and interface structures, the Broyden–
Fletcher–Goldfarb–Shanno (BFGS) algorithm was employed [77,78]. Additionally, this was
a quasi-Newton method, which iteratively solves for the minimum point of an objective
function by gradually constructing an approximation of the inverse of the Hessian matrix.
The exchange-correlation function was modeled using the Perdew–Burke–Ernzerhof (PBE)
within a generalized gradient approximation (GGA) [79] to calculate the bulk, surface,
and interface properties. The convergence criteria for the total energy, atomic forces, and
displacements in each crystal and interface structure were established at 1 × 10−6 eV,
0.01 eV/Å, and 0.001 Å, respectively.

4. Conclusions

This study utilizes first-principles calculations based on density functional theory to
explore the interface stability and the interfacial segregation behavior of alloying elements
at the interface of the Mg/Ti interface. Through an in-depth analysis of interface electronic
properties, the stability of the interface and the segregation behavior of elements at the
interface are examined. The main conclusions of this work are as follows:

(1) The calculated phonon spectra of Mg and Ti indicate that both are dynamically
stable phases. Additionally, criteria for mechanical stability also suggest that they are me-
chanically stable phases. The calculated elastic properties results show that Ti exhibits the
largest C11 value of approximately 205.9 GPa and Young’s modulus of around 153.4 GPa,
indicating that Ti can effectively enhance the modulus of Mg alloys.

(2) First-principles calculations determined that the optimal interface distance for the
Mg/Ti interface configurations is approximately 2.5 Å. They are using seven-layer Mg(0001)
surface and seven-layer Ti(0001) surface slab models to build Mg(0001)/Ti(0001) interface
configurations with OT, MT, HCP1, and HCP2 atomic stacking interface configurations.
Based on the results of interface adhesion work and electronic structure information, it
can be concluded that the Mg(0001)/Ti(0001) interface with HCP2 configuration has the
best stability.

(3) The segregation calculations for eighteen alloying elements near the Mg(0001)/
Ti(0001) interface indicate that Gd atoms, when doped into the first layer of Ti atoms,
result in the lowest heat of segregation of −5.83 eV, suggesting that Gd is the most prone
to segregation. Also, alloying elements such as Si, Sn, and Nd tend to segregate at the
interface. Conversely, alloying elements like Ca, La, Cr, and V are less likely to segregate.
These findings are further supported by electronic structure information.
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Abstract: The solid electrolyte interface (SEI) plays a critical role in determining the performance,
stability, and longevity of batteries. This review comprehensively compares the construction strategies
of the SEI in Li and Mg batteries, focusing on the differences and similarities in their formation,
composition, and functionality. The SEI in Li batteries is well-studied, with established strategies
that leverage organic and inorganic components to enhance ion diffusion and mitigate side reactions.
In contrast, the development of the SEI in Mg batteries is still in its initial stages, facing significant
challenges such as severe passivation and slower ion kinetics due to the divalent nature of magnesium
ions. This review highlights various approaches to engineering SEIs in both battery systems, including
electrolyte optimization, additives, and surface modifications. Furthermore, it discusses the impact
of these strategies on electrochemical performance, cycle life, and safety. The comparison provides
insights into the underlying mechanisms, challenges, and future directions for SEI research.

Keywords: solid electrolyte interface (SEI); lithium-ion battery; magnesium-ion battery

1. Introduction

Renewable energy has been rapidly adopted in recent years to relieve the emissions of
CO2 all over the world. However, renewable energy heavily depends on natural resources,
such as sunlight, wind, water and so on, which are unpredictable and out of human
control. Therefore, renewable energy is stored and then used in a controlled manner.
Electrochemical energy storage systems, which are based on storing chemical energy and
converting to electrical energy when needed, are the most traditional energy storage devices
for power generation. Rechargeable batteries are one of the oldest and also one of the most
widely used electrochemical energy storage systems.

Lithium-ion batteries have dominated the commercial battery market since the 1990s,
including in aerospace, transport and electronics, due to their high gravimetric and vol-
umetric energy density. Other than lithium-ion batteries, next-generation rechargeable
battery technologies are also in development. Besides alkali metal-ion batteries, other
metals are also considered as anodes in rechargeable batteries. For example, magnesium
has a very high theoretical volumetric energy density—around 50% higher than that of
lithium. Moreover, magnesium anodes do not exhibit dendrite formation, albeit only in
certain nonaqueous solvents and at certain current densities. This allows magnesium
metal to be used at the anode with around a five times higher volumetric energy density
than a graphite electrode. The magnesium’s relative abundance and ease of mining make
magnesium-ion batteries good candidates for large-scale energy storage [1].

The working principle of these batteries is similar. As shown in Figure 1, during the
discharge process, the oxidation and reduction reactions happen on the anode and cathode,
respectively, while the metal ions move from the anode to the cathode through electrolytes
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(vice versa during the charge process) [2,3]. The electrode/electrolyte interface is obviously an
important electrochemical juncture that determines the behaviors of metal ions and electrons.
Although the electrolytes in batteries are designed to be stable with a wide electrochemical
window, the kinetic stability between electrolytes and electrodes is attained after a stable solid
electrolyte interface (SEI) forms. The SEI is the product, where trace amounts of electrolyte
decompose and react with electrodes. An ideal SEI film should inhibit further electrolyte
degradation and electron transport while facilitating ion transport.
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In recent decades, many researchers have spent huge amounts of time trying to figure
out the exact formation, structure and functional mechanisms of the SEI. However, these
questions remain the most ambiguous issues in battery science. The thickness of the SEI
is around 10–15 nm, containing both organic and inorganic species, which is the result
of a delicate balance between electrolyte decomposition and passivation. The thickness
is controlled by several factors, including the composition of the electrolyte, the applied
current density, and the anode surface properties. A thinner SEI might not provide sufficient
protection against side reactions, leading to reduced cycling stability, while a thicker SEI
could impede ion transport, adversely affecting battery performance [4,5]. Therefore, this
range is optimal for maintaining a balance between protection and ion conductivity. In
addition, the formation and growth of the SEI occurs during the charging/discharging
processes. These characteristics make it very hard to investigate SEIs using traditional
real-time in situ characterization technology. To further improve the capacity of current
commercial batteries and the development of next-generation batteries, the design of the
SEI is an unavoidable challenge. Specially, the Li metal battery is considered the ‘holy
grail’ of batteries due to its extremely high capacity. One of the greatest obstacles of Li
metal batteries is that it is difficult to construct a stable SEI film on an Li metal surface,
which not only degrades the capacity after charging/discharging cycles but also causes
the hazards of flammability and explosiveness. Moreover, in other battery systems, such
as magnesium-ion batteries, the ideal anode materials are also the corresponding metals.
Therefore, these batteries also face the same challenge: a stable and ion-conductive SEI film.

However, although the properties of alkali elements and alkaline elements are very
similar, the slight difference makes a significant difference to the interface configuration.
Since dendrite is the main reason for fires and explosions, the focus of SEI configuration
in lithium-ion batteries (LIBs) is not to stabilize the interface but to also suppress the
formation of dendrite. For sodium-ion batteries (NIBs), although sodium is a monovalent
ion like lithium, its larger ionic radius leads to greater volume changes during cycling.
This can cause the SEI in NIBs to crack and reform, making it less stable over time. The
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SEI tends to be thicker and less uniform compared to LIBs, and while Na2CO3 and NaF
are formed similarly to their lithium counterparts, the mechanical stresses in NIBs due to
the size of Na+ present additional challenges. Similar to NIBs, the SEI in potassium-ion
batteries (KIBs) forms through electrolyte decomposition, but the larger size of potassium
ions can complicate the formation mechanism and composition. The stability and ionic
conductivity of the SEI are often lower than those in LIBs and NIBs, potentially limiting the
long-term performance of KIBs. On the other hand, now, the passive film on the anode is the
main bottleneck in magnesium-ion batteries (MIBs); hence, the SEI configuration in MIBs
mainly focuses on constructing a stable interface with high ionic conductivity. Calcium-ion
batteries (CIBs) face similar challenges: the SEI should provide ionic conductivity and
prevent the direct reaction of the calcium metal with the electrolyte, which can lead to
unwanted side reactions and decreased battery efficiency. Hence, we find that the SEI
functions of alkali metal-ion batteries and alkaline earth metal-ion batteries are not the
same, so we selected the SEIs of lithium-ion batteries and magnesium-ion batteries as
representatives for discussion.

This review will summarize SEI formation and the influence on the electrode/electrolyte
interfaces, as well as compare the different configurations between LIBs and MIBs. Fi-
nally, perspectives on the investigation of SEI films are also discussed, including computer
simulations and experiments.

2. The Formation Mechanism of SEIs

In 1970, Dey [6] first observed the passive film on the Li metal surface, and Peled [7]
first proposed the concept of the solid electrolyte interface (SEI) in 1979. In 1985, Muller [8]
firstly identified the existence of Li2Co3 and polymers in SEIs by X-ray diffraction, which
illustrates the presence of both inorganic and organic components in SEIs. In 1990, Dahn [9]
reported the gradual formation of an SEI on graphite anodes. In 1995, Kanamura [10]
found that a thin, dense LiF film is attached on the Li anode surface, and another porous
composite layer is above this film. This study inspired the design of components for
artificial SEI films. In 1997, Peled [11] developed the mosaic model for the SEI, which
considers the grain boundaries. In 1999, Aurbach [12] combined ex situ Fourier-transform
infrared spectroscopy (FTIR) and in situ atomic force microscopy (AFM) to investigate
the formation process of the SEI. In the 21st century, researchers began to use computer
simulations and advanced characterization techniques to accelerate the study of SEIs. In
2001, Balbuena [13] utilized density functional theory to study the reduction mechanism of
electrolytes on anodes, which also illustrated the formation mechanism of the SEI. In 2010,
Xu [14] quantitatively measured the energy barrier for Li ions to pass through the SEI. In
2017, Cui [15] observed mosaic structure of the SEI film by cryo-electron microscopy. In
2022, Song [16] investigated the chemical composition of the SEI by time-of-flight secondary
ion mass spectrometry (TOF-SIMS).

At present, molecular orbital theory is the general explanation of the SEI formation
mechanism in LIBs, as shown in Figure 2 [17,18]. The theory explains that when the lowest
unoccupied molecular orbital (LUMO) of the electrolyte is lower than the electrochemical
potential of the anode (µA), the electrolyte will gain electrons from the anode and is reduced,
forming an SEI film on the anode surface. On the other hand, when the highest occupied
molecular orbital (HOMO) of the electrolyte is higher than the electrochemical potential
of the cathode (µC), the electrolyte will lose electrons and is oxidized, forming a CEI
(cathode electrolyte interface) film on the cathode surface. The SEI film then will expand
the electrochemical window of the electrolyte, hindering further reactions and preventing
the decomposition of the organic electrolyte.

It is believed that the formation mechanism of the SEI in Mg ions also follows Peled’s
model, in which the SEI is considered to be an inorganic/organic nanocomposite material,
and the ion transport through the bulk inorganic part is the rate-determining step [19].
However, the low ionic conductivity of inorganic compounds, such as MgO, MgF2, and
MgS, and the Pilling–Bedworth (P–B) ratios (ratio of the volume of the elementary cell of a
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compound and the elementary Mg cell) are dissimilar, pointing toward the formation of a
porous surface layer on the Mg. In a recent study, anion adsorption from the electrolyte on
the surface of such Mg-SEIs was suggested, which fully blocks the cation transport [20].

Two scenarios of continuous SEI growth on Mg are thus considered, as shown in
Figure 1. In the first scenario, the growth proceeds because of the electronic conductivity
and/or reactive radical existence in the thin film formed upon initial Mg contact with the
electrolyte [21]. In the second, long-term growth occurs due to the decomposition of the
anion and/or solvent molecules, which arrive at the Mg/SEI interface by diffusion through
the SEI pores [22,23]. Electronic tunneling is disregarded as the SEI thickness is expected
to be higher than several nm after a longer cell rest time. In both cases, the amount of SEI
material typically increases over time [23].
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Figure 2. (a) Schematic illustration of the positive and negative potential limits of electrolyte stability,
and the energy levels of LUMO and HOMO [17,18]. The red arrow represents stability window, the
pink arrow represents the energy difference between LUMO and HOMO, the blue arrow represents
the electrochemical potential difference between cathode and anode. Mechanisms of SEI growth
on Mg electrode: (b) dense film growth by electronic or magnesium interstitial conduction and
(c) porous film growth by anion or solvent diffusion through the pores. In both cases, growth occurs
at the metal/SEI interface [24].
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3. SEI in Li-Ion Batteries

Researchers have illustrated that the initial SEI forms during the charging process in
the early cycles. At the early stage, the SEI hinders the transportation of solvent molecules
and lithium salt. Therefore, the SEI continues to grow at this stage.

The well-known single-electron reduction reaction, which explains the organic by-
products, happens at this stage. During the reaction, the nucleophilic interactions be-
tween radical anions formed by electron addition to the carbonate molecules, assisted
by the vicinity of lithium ions and carbonyl group, occurs and generates lithium salts
of semi-carbonates or alkyl carbonates [25]. It is found that ethylene and propylene are
the gaseous side-reaction products in the reduction, attributed to the decomposition of
ethylene carbonate (EC) and propylene carbonate (PC), respectively, while alkanes are the
reduction side-reaction product of linear carbonates through the single-electron reaction
mechanism [26–32]. Besides this mechanism, Collins proposed the two-electron reaction
mechanism, which also explains the alkyl carbonates and gaseous side-reaction prod-
ucts [33]. Besides the lithium alkyl carbonates mentioned above, oxalates and succinates
are also SEI components in the SEI in EC/PC or EC/DMC electrolytes, where DMC is the
abbreviation for dimethyl carbonate [34,35]. Moreover, acetals and ortho-esters are also
found in the SEI by NMR through various formative mechanisms [36].

On the other hand, the typical inorganic products, including LiF, LiCl and Li2O,
precipitate on the electrode surface through a reduction reaction [19]. Low-abundance CO2
is also detected during the formation of the SEI [37]. CO instead of CO2 is also reported
as a by-product [38–41]. Li2CO3 is also reported, due to the elimination of the reaction of
Li2O with CO2, in inefficient moisture elimination cells [42–44].

In addition to small molecules, polymers and oligomers are also involved in SEI com-
position [30,38,45,46]. Long-chain structures are reported in EC/DMC and PC electrolyte
systems [47,48]. Compared with short-chain structures, polymer species could provide
better protection function, and the branched polymer with carbonate/ethylene oxide units
could assist the lithium ions in passing through the layer [49]. However, it is still ambiguous
whether the polymer component and semi-carbonates are partially soluble, which affects
the stability of the SEI [19].

After long cycles, the initial SEI would evolve and change gradually [50–52]. The
unstable species growth at the initial stage in the SEI stops, and new stable products, such
as inorganic compounds, tend to form [53,54]. The local dissolution or the uneven stress
will also cause the mechanical breakdown of the SEI. In the case of fast-forming cracks,
the electrolyte flows into the crack and immediately reacts with the fresh anode surface,
forming a new thin protective film and preventing further local reactions. On the other
hand, in the case of slow-forming cracks, the SEI becomes thinner and electrons pass
through the thin region and reduce the electrolyte further [19].

Some models propose that inorganic species such as Li2O, LiF and Li2CO3 tend to
attach on the surface of electrode, while organic species tend to exist close to the elec-
trolyte [55,56]. The study also shows that the inorganic section has higher conductivity than
the organic section [55], which implies that during the evolution stage, the conductivity of
the SEI tends to increase.

Gas is also detected during the evolution stage, which is believed to be one of the
reasons for capacity fading [57]. The crossover reactions on the cathodic side can generate
products like CO2, which can diffuse inside the anode and destabilize the SEI, as well as be
reduced into Li2CO3, leading the evolution of the SEI [58].

During the formation of the SEI, several factors affect the properties of the SEI layer,
as shown in Figure 3 [19,59,60]. Firstly, the composition of the electrolyte is one of the key
factors that determines the SEI’s features [61]. For example, the weak interaction between
solvents could prevent the exfoliation of graphite. EC, which is one of the most common
solvents with low lithium binding energy, can participate in SEI formation, instead of
co-intercalating into graphite [9,62–65]. On the other hand, PC, another commonly used
solvent, tends to co-intercalate into graphite layers and make graphite exfoliate [66]. This
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phenomenon proved that the difference of a single methyl group between EC and PC
would significantly change the SEI composition and affect the behavior of Li ions [67–69].
The functional groups of electrolyte molecules influence the precursor constituents and
resultant reactivity. It is also found that increasing the lithium salt concentration in the
electrolyte could weaken the Li+ ion solvation sheath and consequently protect graphite
against exfoliation [70]. Moreover, the solvents also affect the composition of the SEI. The
PC-based electrolyte also promotes the formation of Li2CO3 in the SEI, while EC-based
electrolytes promote the mixture of semi-carbonates, oxalates and oligoethers [71].
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Besides the solvents, the type of lithium salt also affects the features of the SEI. Li2CO3
was the main SEI component in lithium bis(trifluoromethane)sulfonimide (LiTFSI) salt
electrolytes, while the main component in LiBETI salt electrolytes was a mixture of Li2CO3
and semi-carbonates [27]. This is because the decomposition of anions varies signifi-
cantly [72,73]. LiPF6 would cause the formation of LixPFy and LixPFyOz. LiBF4 would lead
the formation of LixBFy. Lithium difluoro (oxalate) borate (LiDFOB) would form lithium
oxalates, and LiFSI causes the formation of Li3N(SO2)2 in the SEI [25].

As the substrate of the SEI, the electrode also an important factor for determining the
SEI’s features. The particle size, pore size, and degree of crystallinity of the electrode all affect
the formation of the SEI, which influences the processes of industrial production [74–76]. The
small particles provide more edge sites, which have higher energy and promote the formation
of the SEI. Therefore, the thickness of the SEI is greater in the cross-sectional planes than the
basal planes [77]. The oxygen groups on the graphite surface would reduce the potential and
promote the formation of the SEI before the intercalation. These groups are also usually at the
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edge sites, where lithium needs to pass though before interaction. Therefore, the ratio of the
edge planes to the basal planes determines the electrochemical performance of graphite in SEI
formation [77,78]. Moreover, the components of the SEI at the edge are different from those of
the SEI at the basal planes. More inorganic compounds like LiF are in the SEI at the edge sites,
and more organic compounds are in the SEI at the basal planes [79].

Apart from the properties of the material, the external condition also affects SEI
formation. The applied current rate, the current density, the state of charge and the
temperature are the main external factors [51,78,80]. High current rates can accelerate the
growth of the SEI and consequently cause significant capacity loss [81]. On the other hand,
increasing the current density at the electrode then can relieve the capacity loss [19]. A high
state of charge and overcharging will cause a change in SEI structure and capacity fade [51].
A high operation temperature will increase the thickness of the SEI and cause thermally
unstable components to dissolve [82].

Normally, the intrinsic SEI has poor performance and causes capacity fade, especially
in lithium metal batteries. Then, there are two ways to enhance the performance of the
SEI. One is to enhance the inherent properties of the SEI, and the other is to construct an
artificial SEI. To enhance the inherent properties of the SEI, modifications can be applied on
the electrolyte and the electrode.

The modification of electrolytes is the most commonly used method to improve the intrinsic
SEI [18]. The strategy of electrolyte modification is to change the Li+ solvation structure. The
anions then become more involved in the solvation structure, forming more contact ion pairs
(CIPs) and aggregates (AGGs). Therefore, a more stable SEI is constructed, which can improve
the columbic efficiency of the battery [83]. There are three methods to modify the electrolyte:
modifying the solvent, modifying the lithium salts and adding additives.

The solvent affects the Li+ solvent sheath structure, which in turn determines the SEI
components and structure, as discussed previously. By adding 1,1,2,2-tetrafluoroethyl-
2,2,3,3-tetrafluoropropyl ether (HFE) into a DME solvent, since HFE does not participate
in the Li+ solvent sheath structure when diluting the electrolyte, the decomposition of the
anions in the sheath structure is promoted, resulting in the formation of inorganic-rich
SEI, as shown in Figure 4a [84]. The development of all fluorinated electrolytes has wide
LUMO-HOMO gaps in the solvent, and the formed LiF-rich SEI has a columbic efficiency
of 97.1% [85]. The 1,1,2,2-tetrafluoro-3-methoxypropane (TFMP) solvent will induce the
formation of a core–shell-like solvation structure of the electrolytes and exhibit more AGGs,
as shown in Figure 4b [86]. This solvent will also effectively improve the ionic conductivity,
reduce the solvation energy, and stabilize the SEI layer. Another fluorinated ether solvent,
1,1,1-trifluoro-2,3-dimethoxypropane (TFDMP), is also used and helps the electrolyte to
achieve high ionic conductivity (7.4 mScm-1) and antioxidant properties (4.8 V) [87].

Lithium salts are another effective method to improve an SEI—for example, increasing
the lithium salt concentration to form more CIPs and AGGs. It is reported that by increasing
the concentration of LiFSI in the carbonate electrolyte, a stable LiF-rich SEI forms with high
Coulomb efficiency (CE) (99.3%) [88]. LiNO3, as the only lithium salt, combined with an
FEC co-solvent can construct a stable Li3N–LiF-rich SEI layer with a high CE of 98.31% [84].

Instead of changing solvent and salts, adding additives into mature electrolytes is
a more convenient way to improve the intrinsic properties of electrolytes. Fluorinated
additives are commonly used to form an LiF-rich SEI. The fluoroethylene carbonate (FEC)
additives can produce an LiF-rich SEI, which promotes the uniform deposition of lithium
ions [89]. However, HF gas is produced by the decomposition of FEC, which is detrimental
to health [18]. Another fluorinated additive, LiDFOB, was synthesized and added into
ether electrolytes. After adding LiDFOB, an LiF-rich SEI will form with an organic matrix
due to the ring-opening polymerization of DOL. The organic–inorganic composite SEI
endows LIBs with superior performance [90]. Surprisingly, protein can also be used as
the additive. A natural protein from zein was added into electrolytes. As the result, a
variety of polar functional groups, such as -COOH, -NH2, and -OH, were introduced into
the electrolyte, participated in the formation of the SEI, and formed an organic-rich SEI.
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This organic-rich SEI can help lithium deposit more uniformly and repair the SEI crack
induced by the volume change of the anode [91].
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Since one main reason for SEI breakup is due to the volume change of the electrode,
modifying the electrode is another efficient way to enhance the inherent properties of the
SEI. The fabrication of a lithium composite anode with no volume expansion by roll-to-roll
can eliminate dendrite formation and help lithium ions uniformly deposit [92]. A sandwich
structure anode is designed with high energy density, consisting of an insulating layer
(a mixture of polyvinylidene fluorideco-hexafluoropropylene and LiNO3), a mesoporous
layer (a Cu-coated carbon fiber matrix), and a lithium-friendly layer (LiMg) in a roll-to-
roll way. This sandwich anode can help lithium ions bottom-up deposit [93]. Also, 2D
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structured MXene nanosheets (Ti3C2Tx) were designed to promote the uniform growth of
lithium. The fluorine end groups from MXene lead to a homogeneous distribution of LiF in
the SEI [94]. Furthermore, 2D titanium carbonitride (Ti3CNTx) and 3D reduced graphene
oxide (rGO) frameworks as Li scaffolds were designed to guide the formation of the SEI.
The –F group of Ti3CNTx promotes the decomposition of LiTFSI to promote the formation
of an LiF-rich surface. The SEI layer has an ordered layered Li2O shell with internal LiF
nanoparticles [95].

Enhancing SEI performance through material modification is more or less limited
by the inherent properties of the material. Therefore, constructing an artificial SEI seems
another good method to form an ideal interface.

The purpose of an artificial SEI is not only to protect the surface of electrode, but also
to suppress dendrite growth. To achieve these goals, some general requirements of artificial
SEIs need to be considered. First, the artificial SEI structure should be uniform. Otherwise,
the SEI layer may cause nonuniform ion flux, resulting in nonuniform deposition and den-
drites [96,97]. In addition, the SEI should be physically, chemically and electrochemically
stable. Moreover, the SEI should have enough strength and toughness to withstand the
plating/stripping and dendrite growth. Finally, the SEI needs to remain adherent and intact
during cycling.

Three categories of artificial SEIs are designed based on the material types, including
an inorganic SEI, an organic SEI and a composite SEI.

The effect of the lithium-ion diffusion rate on dendrite growth has previously been
investigated [98,99]. Although the mechanism of the effect is not fully explained, the
phenomenon is demonstrated by experiments and simulation. The diffusion control pro-
cesses prefer dendritic lithium deposition, while reaction-controlled processes tend toward
spherical lithium deposition. Therefore, improving ionic conductivity in SEIs can maintain
lithium deposition under reaction-controlled conditions and lead to a dense lithium depo-
sition morphology. Compared to organic compounds, inorganic compounds typically have
higher ion conductivity. For example, inorganic components such as Li2S and Li3N have
very high ionic conductivity, which can enhance the ion diffusion rate and promote spher-
ical lithium deposition. In addition, inorganic compounds usually have better hardness.
Hence, inorganic-rich components of the SEI have high mechanical strength, which can
mechanically suppress the growth of dendrite.

Li3N-based artificial SEI layers were constructed using the spontaneous reaction of
lithium metal with zirconyl nitrate (ZrO(NO3)2); they consisted of ZrO2, Li2O, Li3N, and
LiNxOy, with abundant grain boundaries, as shown in Figure 5a [100]. Since the diffusion
of Li ions along the grain boundaries is faster than that of the bulk phase [101], the SEI
can provide a rapid pathway for Li ions. Based on magnetron co-sputtering technology,
LiF nanocrystals could be embedded in an LiPON inorganic amorphous matrix. After
the insertion of LiF, the artificial SEI has high ionic conductivity and stronger mechanical
stability, as shown in Figure 5b [102]. Another artificial SEI protective layer with Li2S2 as
the main component was constructed on the top layer of an array-structured Li foil, as
shown in Figure 5c [103]. Li2S/Li2S2 was homogeneously deposited on the top of Li foil
via low-temperature selective vaporization Li2S6, while an Li2S layer with low electrical
conductivity resulted in SEI deposition on the bottom layer of the Li foil. The uniform
Li2S2 artificial SEI could protect the electrode–electrolyte interface and inhibit the growth
of lithium dendrites, as well as provide a fast path for lithium-ion transport.

Although the inorganic SEI has high ionic conductivity and hardness, which is good
for suppressing dendrite growth, the main disadvantage of inorganic compounds is the
low flexibility, which leads to the failure of resisting the volume changes on the electrode
during ion plating/stripping. On the other hand, organic polymeric components typically
have high elasticity and flexibility, which can accommodate the volume changes of the
electrode. Therefore, organic compounds are also considered to be used in artificial SEIs to
achieve long-life batteries [73].
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The preparation of organic lithium carboxylate SEI layers, which occurs through the
in situ spontaneous reaction of lithium metal with carboxylic acid, has been reported [104].
Lithium carboxylate has a low Young’s modulus and high flexibility, which enables it to
accommodate the volume changes of the electrode. In addition, it is found that alginate-
based SEI films can be formed by using alginic acid and lithium hydroxide [105]. Alginate
has stable chemical properties and superior ion transport properties, which can reduce side
reactions and enhance the cycling stability of batteries.
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A dynamic SEI reinforced by an open-architecture metal–organic framework (OA-
MOF) film has been proposed, which leverages the elastic volumetric changes of three-
dimensional lithiophilic sites for self-regulation. The self-adjusting distribution of lithio-
philic sites on vertically grown Cu2(BDC)2 nanosheets enables a uniform Li-ion flux, precise
control over Li mass transport, and compact lithium deposition [106]. A robust artificial
SEI film with biomimetic ionic channels and enhanced stability is proposed, incorporating
a ClO4

–-functionalized metal–organic framework (UiO-66-ClO4) and a flexible lithiated
Nafion (Li-Nafion) binder. The strong electronegativity and lithium affinity of ClO4

–

groups, anchored within UiO-66 channels, establish a highly efficient single-ion conducting
pathway, a high Li+ transference number, and superior ionic conductivity. This structure
effectively inhibits detrimental reactions between the lithium metal and the electrolyte,
while regulating rapid and uniform Li+ flux. Further reinforced by the flexible Li-Nafion
binder, the UiO-66-ClO4/Li-Nafion (UCLN) composite film exhibits remarkable mechanical
strength, suppressing lithium dendrite formation and ensuring the long-term structural sta-
bility of the lithium metal anode during cycling [107]. Two frameworks functionalized with
-NH2 and -CH3 groups have been utilized as fillers in polyethylene oxide (PEO) composite
solid electrolytes, with their catalytic roles in lithium formation at the SEI interface being
investigated. First-principles calculations elucidate the LiF-rich SEI formation mechanism,
demonstrating that ZIFs-NH2 significantly elongates the C–F bond in TFSI- compared to
ZIFs-CH3, thereby facilitating bond cleavage and enhancing LiF production [108].

However, most organic-based SEI films lack mechanical strength and have low ionic
conductivity. Therefore, the pure organic SEI cannot meet the requirement for advanced
batteries. As a result, the development of an organic–inorganic composite SEI, which combines
the advantage of both materials to enhance SEI performance, is now attracting researchers’
attention. It is reported that an organic–inorganic composite SEI with both mechanical strength
and flexibility, based on reactive polymers as SEI precursors, has been synthesized [109]. This
composite SEI consists of polymeric lithium salts in LiF and graphene oxide (GO) nanosheets,
and it helps to inhibit dendrite growth, prevent electrolyte decomposition, and promote
efficient lithium deposition. Another organic–inorganic composite SEI is reported to have
been synthesized via the in situ polymerization of precursors composed of poly(ethylene
glycol) diacrylate (PEGDA) and LiDFOB, as shown in Figure 6a [110]. PEGDA can provide
good mechanical strength, and the decomposition of LiDFOB provides a good Li+ transport
pathway and better chemical stability. The high mechanical strength and good flexibility help
the SEI accommodate volume changes during cycling.

In addition, anion migration blocks the transport of cation ions, which causes the slow
diffusion of cation ions and the depletion of the anions, resulting in a strong electric field
that promotes dendrite growth. A single-ion conducting artificial SEI with a 3D crosslinked
network has been prepared by using pentaerythritol tetrakis (2-mercaptoacetate) (PETMP)
and lithium bis(allylmalonato)borate (LiBAMB) in a thiol–ene click reaction [111]. The mi-
gration of the anion was limited due to the covalent binding of the BAMB anion. Therefore,
only lithium ions can be transported in the 3D cross-linked network. Furthermore, the
weak electrostatic interaction between the off-domain sp3 boron anions and the lithium
ion improves the conductivity of the SEI. Another single-ion conducting SEI was prepared
by using Li6.4La3Zr1.4Ta0.6O12 (LLZTO) as the base layer and Li-Nafion as the top layer, as
shown in Figure 6b [112]. Moreover, LLZTO has high mechanical strength and Li-Nafion
has high elasticity, which inhibits dendrite formation.

The SEI on the graphite anode and metallic Li anode attracts the majority of the
attention. Graphite was the first commercialized and widely used anode in Li-ion batteries,
while in pursuit of high capacity, researchers are increasingly focusing on metallic lithium
anodes. The co-intercalation of lithium ions and solvent molecules leads to the exfoliation
of the graphite anode. The failure mechanism requires the SEI on graphite to adjust
the volume change as well as block the intercalation of solvent molecules. However, the
capacity of the graphite anode limits further improvement. The study of the SEI on graphite
focuses on explaining the failure mechanism rather than the applications. On the contrary,
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metallic lithium metal is believed to be the ideal anode. The main concern hindering its
commercial application is dendrite growth. Although the formation mechanism of the
SEI on lithium is also discussed, the ultimate goal is to construct a stable SEI on a metallic
lithium anode that suppresses the growth of dendrite and eliminates fire hazards.
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4. SEI in Mg-Ion Batteries

Mg metal is probably the most promising anode material due to its low standard
potential (−2.37 vs. SHE) and dendrite-free characteristic [113,114]. However, the forma-
tion of a passivating surface film rather than an Mg2+ conducting SEI on the Mg anode
surface, which hinders the transport of Mg2+ ions, has always restricted the development
of MIBs [115]. Thus, constructing an SEI with high ion conductivity becomes one of the
most critical bottlenecks hindering the development of magnesium-ion batteries. Similar to
lithium-ion batteries, electrolyte modification and artificial SEI construction are considered
to help in the construction of a stable SEI.

In 2000, the first prototype electrolyte for an MIB was developed based on a Grignard
reagent. The chemical formula can be expressed as RMgX (R may be alkyl or aryl; X is
Cl, Br, or other halides). This electrolyte allows for reversible Mg deposition-stripping
while preventing the formation of a passivation film [116]. However, due to the presence of
halides, Grignard reagents are corrosive, particularly to current collectors [117,118], which
leads to stability issues over time. In addition, Grignard-based electrolytes typically have
a limited electrochemical stability window, which restricts their use with high-voltage
cathodes. Moreover, Grignard-based electrolytes are highly sensitive to air and moisture,
which makes handling and manufacturing challenging. Researchers continue to work
hard to overcome these disadvantages, which limit the overall energy density of the
battery [119,120].

To address the interfacial passivation of Mg metal anodes in electrolytes, researchers
focus on changing salts and adding additives into the electrolytes. Mg salt (MgFPA), which
has an Al(III)-centered anion Al(O2C2(CF3)4)2, abbreviated as FPA, with a large radius
could induce solvent coordination [121]. The LUMO energy level of the FPA anion was
decreased after the coordination between the FPA anion and the THF solvent molecule.
As a result, a thin and stable SEI with superior Mg2+ conductivity was formed on the Mg
metal anode in the MgFPA/Tetrahydrofuran electrolyte. From the same research group,
another electrolyte consisting of Li [B(hfip)4]/DME (LBhfip/DME) (hfip=OC(H)(CF3)2)
was also synthesized [122]. In the initial cycling process, Mg2+ would be introduced
into LBhfip/DME, forming a hybrid Li+/Mg2+ electrolyte, which could conduct Mg2+ in
subsequent cycles. Moreover, an Li-containing SEI was formed on the Mg metal anode,
which could not only effectively conduct Mg2+ but also prevent the continuous corrosion
of the Mg metal anode by liquid electrolytes. A stable SEI formed on the Mg metal surface
by adding an Mg(BH4)2 additive to the Mg [B(hfip)4]2/DME electrolyte. In this electrolyte
system, the Mg(BH4)2 additive could remove the passivation layer on the Mg metal surface
and then enhance the Mg storage performance [123].

Introducing a non-passivating anionic additive—reduced perylene diimide ethylenedi-
amine (rPDI)—into the electrolyte enables the rapid and reversible deposition/dissolution
of Mg within a simple non-nucleophilic electrolyte system. The rPDI additive demonstrates
higher adsorption energy on the Mg surface compared to TFSI salt, while PDI preferentially
adsorbs onto the Mg surface. Acting as a protective anion, it prevents TFSI decomposition
and Mg anode passivation by forming a solid electrolyte interface (SEI) layer on the surface
of the Mg anode that facilitates Mg2+ conduction, which provides a straightforward and
effective strategy for integrating magnesium anodes with diverse organic and conversion
materials in non-nucleophilic electrolyte environments [124]. An ideal solvent system for
developing high-performance MIBs must simultaneously exhibit high solubility for magne-
sium salts and provide effective protection for magnesium metal. Meeting these criteria
with a single solvent proves challenging. Diethyl malonate (DEM) is frequently utilized to
enhance the dissociation of magnesium salts through multidentate coordination with Mg2+

cations, which facilitates ion dissociation and migration under an electric field. In contrast,
cyclic ethers aid in the formation of protective films on metal anodes via ring-opening
reactions. By harnessing the advantages of both types of solvents, a solution composed of
non-nucleophilic Mg(TFSI)2-MgCl2 in DME, dispersed within a non-fluorinated, weakly
coordinating solvent such as THF, can effectively prevent the decomposition of DME while
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establishing a stable SEI. The dimethyl ether solvation shell, characterized by its migratory
components, is surrounded by weakly coordinated cyclic ethers, which facilitates SEI for-
mation without inducing ion binding. Compared to DME alone, the mixed solvent system
exhibits a slightly reduced solvation capacity, thereby ensuring compatibility with Mg2+

without compromising coordination efficiency [125].
To avoid the issues associated with Grignard-based liquid electrolytes, many new liq-

uid electrolytes have been proposed, such as organoborate-based electrolytes, borohydride-
based electrolytes, nitrogen-containing electrolytes, magnesium aluminate chloride com-
plex electrolytes, Mg(TFSI)2-based electrolytes, and ionic liquid electrolytes [116,126]. How-
ever, there is still no mature electrolyte system for Mg-ion batteries.

Hence, constructing the artificial SEI on the anode surface can bypass the issues inherent
in the electrolyte. An artificial SEI layer can be formed on the surface of the magnesium
anode through a displacement reaction involving ZnCl2 and metallic Mg. Due to the higher
equilibrium electrode potential of zinc compared to magnesium (E Zn

2+/Zn = −0.763 V vs.
SHE, E Mg

2+/Mg = −2.3 V vs. SHE), ZnCl2 readily undergoes a substitution reaction with
metallic Mg (ZnCl2 + Mg→MgCl2 + Zn). This reaction is exothermic (∆Hrxn =−102 kJ/mol),
indicating its spontaneity. As the reaction proceeds, an SEI layer incorporating an MgZn2
alloy is formed. This alloy induces a significant number of tilted grain boundaries on the
magnesium surface, which symmetrically lowers the reaction barriers for both anode and
cathode processes, thereby enhancing the exchange current density [127].

Similarly, inorganic, organic and composite SEIs are all investigated by researchers.
SEIs containing magnesium fluoride (MgF2), which control the reaction of the Mg metal
surface with hydrofluoric acid (HF), can not only suppress the side reaction with the
electrolyte but also allow for the generation of Mg2+ transport between electrodes and
electrolytes, as shown in Figure 7a [128]. Another artificial interface composed of Mg
powder, Mg(CF3SO3)2, polyacrylonitrile (PAN), and carbon black is compatible even
within the carbonate-based electrolyte [129]. Figure 7b illustrates that this artificial interface
delivers a moderate ionic conductivity and a low electronic conductivity, which could
promote Mg stripping/plating reversibility and prevent electrolyte reduction. Moreover, a
3D SEI with Mg3Bi2 scaffolds on the Mg anode surface is designed to avoid continuous
passivation and to mitigate the degradation of the SEI [130]. Bi is a good candidate
of anodes due to its excellent electrochemical properties, despite its price [131]. The
3D Mg3Bi2 scaffolds possess large specific surface areas, thereby greatly reducing the
current density, and the continuous passivation is avoided. Another Bi-based artificial
protecting layer on Mg metal anodes was designed via a facile solution strategy [132,133].
In Mg(TFSI)2-based electrolytes, this artificial layer could avoid parasitic reactions, while
in APC electrolytes, this protective layer could facilitate Mg-atom adsorption and diffusion.
An Sb-based artificial interface layer mainly containing MgCl2 and Mg3Sb2 endows the
significantly improved interfacial kinetics and electrochemical performance of the Mg
anode, which significantly reduces overpotential and enables swift Mg2+ migration, as
shown in Figure 7c [134]. By simply soaking Mg foil in a tetraethylene glycol dimethyl
ether solution containing LiTFSI and AlCl3, an artificial SEI is constructed, which could
mitigate Mg passivation in Mg(TFSI)2/DME electrolytes. This approach is also extended
to Mg(ClO4)2/DME and Mg(TFSI)2/PC electrolytes to achieve reversible Mg plating and
stripping, which also ensures the interfacial resistance of the cells, with the SEI protected
by Mg two orders of magnitude lower than bare Mg [135]. An artificial SEI coating
composed of MgBr2, MgI2, and Sb on the Mg surface through an off-site displacement
reaction can enhance the reversible deposition and dissolution of Mg2+, significantly reduce
overpotential, and achieve superior specific capacity retention with lower polarization
across the entire battery. Calculations reveal that the diffusion energy barriers for Mg2+ in
Sb, MgBr2, and MgI2 are 1.72 eV, 0.41 eV, and 0.18 eV, respectively, indicating that the SEI
layer effectively facilitates ion conduction [136].
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Figure 7. (a) Schematic illustration of the formation process of the MgF2 surface coating and surface
chemistry of coated/uncoated Mg anode [128]. (b) Schematic of a Mg powder electrode coated with
the artificial Mg2+-conducting interface, and the proposed structure for the artificial Mg2+-conducting
interface [129]. (c) Schematic diagrams of electrochemical behavior of pristine Mg anode and modified
Mg anode [134].

An organic SEI is designed using the dynamic self-assembly coordination of phytic
acid (PA) with Mg2+. Figure 8a shows that the 3D porous channel structure of the PA
skeleton could regulate ion flux and efficiently homogenize the distribution of Mg2+ [137].
Through the drip-coating method, a polymer-alloy composite SEI is constructed on the
Mg surface, with a polymerized tetrahydrofuran (PTHF) network cross-linked with Mg-Cl
and Sn-Cl complexes and a metallic layer with Sn and Mg-Sn domains from top to bottom.
The upper PTHF network with rich Mg-Cl moieties facilitates fast Mg-ion transport and its
flux homogenization, while the lower Sn-based magnesophilic domains provide abundant
Mg deposition sites with low nucleation and migration barriers, ensuring uniform Mg
plating and stripping [138]. Using a solvent-assisted additive displacement strategy, another
composite SEI with a low surface composed of an MgCl2-rich top layer and an organosilicon-
dominated bottom layer is designed, which can withstand long-term anode cycling and
permanently protect the Mg anode against passivation in conventional electrolytes, as
shown in Figure 8b [139]. An SEI composed of amorphous an MgCl2@polymer on the
Mg-metal surface is prepared by the in situ chemical reaction of metallic Mg with H3PO4
and SiCl4 in sequence, which can effectively inhibit electrolyte decomposition and facilitate
Mg2+ transport [136]. Incorporating Aquivion and SPEEK polymers into polyacrylonitrile
(PAN) can also create an organic artificial SEI on Mg metal foil. Unlike inorganic SEI
layers, this polymer/ionic organic SEI layer mitigates severe surface reactions that lead to
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the formation of macroscopic pores and localized coating failures during cell operation.
Consequently, the Mg-S battery constructed using this approach exhibits high initial-cycle
Coulombic efficiency and maintains a high discharge capacity over cycling [136].
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Moreover, the Mg-Li alloy exhibits unique SEI characteristics in magnesium-based
battery systems. Due to the electrochemical differences between magnesium and lithium,
the alloying process on the electrode surface leads to the formation of a more stable SEI
layer. Compared to pure magnesium electrodes, the SEI layer on Mg-Li alloys typically
shows enhanced stability and ionic conductivity. This is primarily because the SEI layer
contains lithium/magnesium compounds, which effectively prevent further side reactions
between magnesium ions and the electrolyte, thereby reducing corrosion and improving
the cycling stability. Furthermore, the incorporation of lithium modifies the interfacial
structure of the magnesium electrode, facilitating the reversible insertion and extraction
of magnesium ions and ultimately enhancing the overall electrochemical performance.
A robust SEI layer that develops on the surface of the Li-Mg alloy anode can effectively
mitigate the side reactions and preserve surface smoothness throughout cycling. The
Li-deficient Li-Mg alloy forms a porous skeletal structure that facilitates both electron
and Li-ion conduction, ensuring the structural integrity of the anode during the Li/Mg
stripping/plating process [140]. A magnesium-lithium alloy has been identified as a
passivation-free anode, effectively preventing passivation reactions through a substitution
mechanism between lithium in the alloy and magnesium ions in the electrolyte. This alloy
anode demonstrates significantly enhanced interfacial reaction kinetics, with an impedance
reduction of five orders of magnitude compared to that of a magnesium anode [141,142].

In summary, the SEI construction strategies can be classified as solvent shell structure
alteration, electrolyte additives, electrode modification, artificial SEI, in situ SEI formation
via spontaneous reactions, etc. The characteristics of each method are summarized in
Table 1. The challenges of the construction strategies limit their wide utilizations and
become the focus of the SEI research.

Table 1. The characteristics of SEI construction strategies.

Method Description Key Advantages Challenges Impact on SEI
Performance

Solvent Shell Structure
Alteration [22,23]

Altering solvent shell
structures around ions

in the electrolyte to
form a more stable SEI

Improved control over
SEI composition

Requires precise
solvent system design

to balance ion transport
and SEI stability

Alters SEI formation by
controlling ion

solvation, leading to
more uniform and

protective SEI layers

Electrolyte Additives
[89,90]

Introducing additives
to the electrolyte to

enhance SEI formation

Low-cost, easily
adaptable

Additives may
decompose, leading to
impurities or unwanted

reactions

Enhances stability and
conductivity by

promoting favorable
SEI compounds

Electrode Modification
[18,115]

Interlayer the
electrodes to reduce the
volume change of the

electrode

Enhances electrode
stability

Requires complex
processing

Produces a stable,
uniform SEI by
modifying the

electrode surface to
encourage better

electrolyte interaction

Artificial SEI [135,139]

Pre-fabricated SEI films
applied to the electrode

to control initial SEI
formation

Highly tunable and can
be designed for specific
ion transport properties

Complicated
fabrication process

Artificial SEIs can be
customized for high

stability and
conductivity,

suppressing dendrites
and improving
performance

In situ SEI Formation
via Spontaneous
Reactions [136]

SEI forms
spontaneously during

cycling from electrolyte
decomposition

Simple process,
naturally conforms to

electrode surface

Often uncontrolled and
result in non-uniform

SE

In-situ formed SEI
layers may be thicker

and less uniform,
resulting in slower ion

transport
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5. Summary and Perspectives

This review aims to clarify the basic understanding of the electrochemical processes,
influencing factors, and multiple approaches to constructing a stable SEI. The basic for-
mation mechanism of SEIs is now explained well by molecular orbital theory, while the
explanation of redox reaction processes remains ambiguous. The intrinsic properties of
electrolytes and electrodes, as well as external factors such as temperature and current
density, affect formation and evolution, which also signals to researchers to construct SEIs
with good stability and ionic conductivity by modifying electrolytes and electrodes or
controlling experimental conditions. The SEI in two battery systems—Li-ion batteries and
Mg-ion batteries—is reviewed in detail.

The research history of Li-ion batteries is much longer than that of Mg-ion batteries.
Most of the SEI construction ideas in Mg-ion batteries come from the work of Li-ion
batteries, which makes the SEI construction strategies in the two battery systems very
similar, including electrolyte modification and artificial SEI construction. There are two
methods widely used in both Li-ion batteries and Mg-ion batteries. Electrolyte modification
not only helps in constructing an ideal SEI but also improves the intrinsic property of the
electrolyte. Since the electrolyte system in Li-ion batteries is quite mature, the focus of
electrolyte modification is on the additive. On the contrary, in Mg-ion batteries, there is still
no satisfactory electrolyte, and the focus shifts to developing an ideal electrolyte system
rather than additives. On the other hand, in situ artificial SEI construction attracts more
and more attention due to its good adhesion and customization, despite the high cost and
mass production problem, which hinders commercial applications.

However, the functionality of SEI construction in the two batteries is different, which
causes the strategic focus to differ. The main purpose of the SEI in an Li-ion battery is
suppressing dendrite growth, while in an magnesium-ion battery, the focus of SEI construction
is to suppress the passivation film and improve ion transport. Therefore, when constructing
the SEI in an Li-ion battery, the stiffness of the SEI is a primary concern. It is preferred to
construct inorganic compounds and ceramics in the SEI. On the contrary, when constructing
the SEI in an Mg-ion battery, the key point is to improve the ionic conductivity of the interface.
Since the Mg anode is believed to be a dendrite-free anode and simple Mg salts have lower
ionic conductivity than their Li salt counterparts, polymer and other organic compounds
are used to construct the SEI. Another difference is that Mg alloys are considered not only
as anodes but also as components of the SEI due to good conductivity and stability, while
few Li alloys are discussed in the literature. In summary, the SEI construction strategies
and technologies are quite similar in the two battery systems. The different concerns and
requirements lead to different choices of materials and compositions of SEIs.

Although considerable research has been conducted, there is still no satisfactory way to
construct a mature SEI due to the following challenges. The understanding of SEI formation, in
terms of the reaction kinetics and mechanisms, composition, and role in battery performance
is insufficient. Moreover, a deeper understanding of the fluctuating local current density
distribution regarding ion deposition nucleation and further growth is lacking. The characteri-
zation technologies, especially the in situ characterization, still has many shortcomings, which
hinders its wide application in the study of the SEI. For example, the current distribution and
electric field gradient in an in situ electrochemical cell are different from those in coin batteries
or commercial batteries. In situ electrochemical cells are limited by their electrolyte volume,
which cannot measure the size effect of the electrodes on the electric field distribution in the
electrolyte. Hence, in situ characterization currently has difficulty directly reflecting the same
process in coin batteries and commercial batteries.

On the other hand, these issues also guide us in overcoming the challenges. Several
future research directions may be proposed as follows.

QC/AIMD/DFT calculations should be promising methods for SEI modeling. With
the optimization of computing software and the improvements in computing capability,
the multi-scale and full-scale modeling of SEIs have been gradually implemented. The
influence of geometry on local current density and deposition behavior can be further
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investigated. The current is affected by the uneven geometry, causing inconsistent current
density, which significantly impacts deposition behavior. Thus, quantitatively analyzing
the current at the interface is essential to understanding deposition behavior.

New advanced in situ characterization methods can be further developed. The size
of current in situ electrochemical cells limits the full understanding of the performance of
materials. Local performance or behavior can even mislead our understanding. The study of
the impact of multi-physics coupling on material performance is also limited by the current in
situ characterization hardware. Advanced in situ characterization methods can ensure the
accuracy of experimental results and provide new insights into the SEI working mechanism.

In this review, we address the issues related to the SEIs of LIBs and MIBs. Meanwhile,
the factors affecting SEI construction are explained. The strategies for constructing the SEI
on the anode are also discussed through case studies. In view of the interfacial complexity,
only small aspects of these issues have been solved under specific conditions. Many
phenomena remain unresolved and not yet fully understood. The treatment of the interface
and the characterization of the SEI can provide adequate explanations and help construct
better SEIs in batteries.
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Abstract: Diamond wire saw silicon slurry (DWSSS) is a waste resource produced during the process
of solar-grade silicon wafer preparation with diamond wire sawing. The DWSSS contains 6N grade
high-purity silicon and offers a promising resource for high-purity silicon recycling. The current
process for silicon extraction recovery from DWSSS presents the disadvantages of lower recovery and
secondary pollution. This study focuses on the original DWSSS as the target and proposes flotation
for efficiently extracting silicon. The experimental results indicate that the maximal recovery of
silicon reached 98.2% under the condition of a dodecylamine (DDA) dosage of 0.6 g·L−1 and natural
pH conditions within 24 min, and the flotation conforms to the first-order rate model. Moreover,
the mechanism of the interface behavior between DWSSS and DDA revealed that DDA is adsorbed
on the surface of silicon though adsorption, and the floatability of silicon is improved. The DFT
calculation indicates that DDA can be spontaneously adsorbed with the silicon. The present study
demonstrates that flotation is an efficient method for extracting silicon from DWSSS and provides an
available option for silicon recovery.

Keywords: diamond wire saw silicon slurry; silicon extraction; flotation kinetics; interface adsorption
behavior; DFT calculation

1. Introduction

Solar photovoltaic (PV) power generation, as a primary source of energy consumption,
is poised to play a crucial strategic role in future energy frameworks [1–3]. Photovoltaic
technology, mainly based on crystalline silicon solar cells [4,5], has developed rapidly in
recent years with the continuous decrease in the cost of PV power [6,7]. Solar crystalline
silicon cells have undoubtedly become a promising new energy material [8–10]. This has
led to an increased demand for crystalline silicon and a corresponding waste rise from
solar cell production [11,12]. The solar PV waste recovery is an emerging research topic
in the new field of energy conversion [13,14]. The production method for solar-grade
crystalline silicon wafer is diamond wire cutting, and approximately 30% of the 6N high-
purity silicon is transformed into a waste liquid known as diamond wire saw silicon slurry
(DWSSS) during the diamond wire cutting process [7,15]. Since the solid silicon contained
in DWSSS has a high-purity content, the recycling of DWSSS has become a popular area
of research [16–18]. Silicon extraction from DWSSS is vital for resource recycling and the
sustainable development of the PV silicon industry [19].

The existing industrial recovery process for silicon extraction from DWSSS involves
treating the original DWSSS generated through coagulation, sedimentation, pressure fil-
tration, and flame-retardant treatment to obtain a “silicon sludge” filter cake. Then, the
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“silicon sludge” filter cake is dried, dehydrated, crushed, and compacted to obtain diamond
wire saw silicon powder for further purification treatment, ultimately achieving silicon
recovery [13]. However, this lengthy recovery process tends to reintroduce metal impu-
rities [20,21], resulting in reduced silicon recovery [22]. As the particle size of the silicon
powder and other contaminants from the diamond wire cutting process is in the micron
range, recycling is difficult. To achieve the high-value recycling of DWSSS, this study
proposes an efficient approach for silicon extraction from DWSSS through flotation [23].

Flotation is an effective and green method for extracting valuable minerals from
different ores based on their physical and chemical surface properties [24]. The target
minerals can be separated from raw minerals with the addition of flotation reagents thus
achieving the recovery of minerals [25,26]. Based on the characteristics of DWSSS, a process
for extracting silicon with low moisture content from DWSSS with flotation by using
dodecylamine (DDA) as a collector is proposed in the present study. This process has the
advantages of high silicon recovery, easy operation, tight process connection, and easy
scalability for sustainable silicon recovery.

2. Results and Discussion
2.1. Effect of Different Collectors on Feasibility of Flotation

The capturing effect of different reagents on silicon extraction from DWSSS were
compared through silicon capture effect experimentation. The experimental phenomena
of kerosene, sodium sulfide, and DDA individually as a flotation reagent for the silicon
extraction from DWSSS are displayed in Figure 1a–c, respectively. It can be seen that a
large amount of mineral-carrying froth appeared when DDA was used as the collector,
indicating that DDA had a significant capturing effect on silicon recovery, so the silicon
can be effectively recovered from DWSSS with the addition of DDA. However, when
kerosene or Na2S was used alone as a flotation reagent, no mineralized foam was observed,
indicating that the collector of kerosene and the oxidized ore vulcanizing agent Na2S had
no significant capture effect on silicon when used alone.
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When DDA is used alone as a collector for the flotation silicon from DWSSS, some
disadvantages include excessive and sticky mineral-carrying froth, making dehydration
challenging and the operation difficult to control. However, a DDA–kerosene mixed
collector can alleviate this issue without affecting the silicon recovery [27]. The experimental
phenomenon is shown in Figure 1d, where it can be observed that the froth becomes smaller,
denser, and thinner with the DDA–kerosene mixed collector [28]. Therefore, the silicon
recovery from DWSSS is the highest and the operation is more efficient when DDA and
kerosene are used as a combination collector.

68



Molecules 2024, 29, 5916

2.2. Flotation Results of DDA as Collector

To assess the influence of DDA dosage and pH on silicon recovery, the flotation
experiments were conducted under DDA concentrations and pH levels, respectively. The
effect of different DDA additions on the recovery of silicon was tested at natural pH. The
experimental results are shown in Figure 2a, the blue area is the range of 0-1 g·L−1 DDA
dosage. where it can be observed that the recovery of silicon concentration increased as
the DDA dosage increased within the range of 0.1 g·L−1 to 0.6 g·L−1, and when the DDA
dosage reached 0.6 g·L−1, the maximal recovery of silicon reached 98.2%. However, the
recovery of silicon began to decline when the DDA dosage reached 1.2 g·L−1. The optimal
DDA dosage was determined to be 0.6 g·L−1, at which the recovery of silicon from DWSSS
was the maximum of 98.2%.
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Figure 2. Experimental results of DWSSS flotation: (a) recovery of silicon under different DDA
dosages; and (b) recovery of silicon under different pH levels.

To verify the effect of different pH levels on recovery during the flotation experiments,
a H2SO4 or NaOH aqueous solution was used to adjust the pH of the slurry, and the
flotation experiments were conducted at different pH values with the DDA dosage of
0.6 g·L−1. The experimental results are presented in Figure 2b. The experimental results
demonstrate that the prepared slurry is conducive to flotation when the pH level is at the
range of 4–5. The original pH of DWSSS is 7–8, and after adding DDA acetate as a collector
reagent, the pH of the slurry system is 4–5; this pH is called natural pH. Therefore, the
recovery of silicon is the highest with a natural pH of 4–5.

2.3. Flotation Kinetics of DWSSS

The first-order classical flotation rate model was used to fit the flotation kinetics for
silicon recovery from DWSSS, and the fitting results are shown in Figure 3. The effects
of fitting through the first-order classical kinetics model with different DDA dosages are
presented in Figure 3(a1–a6). It can be seen that the R2 value reaches 0.98 when the DDA
dosage is 0.6 g·L−1. The fitting results at different pH values are shown in Figure 3(b1–b6),
and it can be seen that the R2 value is closest to 1 at a pH level of 5.

The recovery of silicon from DWSSS can be divided into two stages, as illustrated
in Figure 3(a1–a6,b1–b6). In the first stage, the flotation rate is fast, and the cumulative
recovery of silicon increases rapidly within approximately 8 min. This is because more
silicon particles are floating up within the first 8 min, and the added DDA is kept at a
relatively high level. The probability of collision between silicon and DDA is high, resulting
in a fast flotation rate and a higher recovery [29]. In the second stage, the cumulative
recovery of silicon shows a slow upward trend, and the flotation rate decreases significantly
after 8 min. This is because the silicon from DWSSS was selected and adsorbed together
with a large amount of DDA as the flotation process continues, and the number of silicon
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particles that can be floated in the slurry significantly decreases, resulting in the decrease
in recovery.
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At natural pH, the effects of different DDA amounts on the maximum recovery and
flotation rate constant are shown in Figure 4a. It can be seen that both the maximum
recovery and flotation rate constant initially increase and then decrease with the increase
in DDA dosage. The recovery reaches a maximum of 98.2% when the DDA dosage is
0.6 g·L−1, while the flotation ratio constant reaches a maximum of 0.459 when the DDA
dosage is 0.9 g·L−1. When the DDA dosage is 0.6g·L−1, the effects of different pH values
of the slurry system on the maximum recovery and flotation rate constant are shown in
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Figure 4b. The recovery reaches its maximum of 98.2% at a pH of 4.1; at a pH of 5, the
flotation rate constant is 0.506.
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Figure 4. (a) Effect of DDA dosage on maximum recovery and flotation rate constant at natural pH;
(b) effect of pH on maximum recovery and flotation rate constant at DDA dosage of 0.6g·L−1.

2.4. Flotation Interface Behavior Analysis
2.4.1. Flotation Interface Behavior Between DDA and Silicon

In the study of the flotation interface behavior of DDA on silicon, the dosage of DDA
used for preparing samples for analysis was 6 g·L−1, and the overall pH range of the slurry
was 4–5. The variation in zeta potential at different pH levels before and after the interaction
of silicon with DDA is shown in Figure 5a. The zeta potential of silicon decreases with
an increasing pH, and the absolute value of the potential increases, indicating that silicon
becomes more stable with an increase in pH [30].
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Figure 5. (a) Effect of DDA on surface zeta potential of silicon; (b) contact angle of silicon before and
after DDA addition.

The zeta potential of silicon–DDA reached zero at a pH level of approximately 2,
indicating a stable flotation system was formed when the pH level was 2. The potential
of the silicon–DDA system significantly increases when the pH is 4–8, and the potential
change indicates the DDA was adsorbed on the surface of silicon.

The contact angle is a direct indicator of the wetting properties of the mineral surface.
The change in the contact angle before and after the interaction of silicon with DDA is
presented in Figure 5b. It can be observed that the contact angle of silicon is greater than 90◦

after the adsorption of DDA. The DDA addition significantly improved the hydrophobicity
of the silicon, indicating the increased hydrophobicity of silicon enhances the floatability
of silicon in DWSSS. Therefore, the DDA makes the slurry more conducive to the silicon
extraction from the DWSSS with flotation.
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The infrared spectra of DDA, DWSSS, and DWSSS-DDA are presented in Figure 6.
The absorption peak at 3445 cm−1, 1632 cm−1, and 722 cm−1 corresponds to the stretching
vibration of N-H, the in-plane bending vibration of N-H, and the out-of-plane bending
vibration of N-H [31]. The 2851 cm−1 and 2920 cm−1 peaks correspond to the symmetric
stretching vibration of C-H bonds in the -CH3 and -CH2- groups, respectively [32]. The
peaks at 1460 cm−1 correspond to the stretching vibration of C-N bonds. After the adsorp-
tion of the DDA, the silicon exhibits an absorption band around 1100 cm−1, and the peak
corresponds to the anti-symmetric stretching vibration of Si-O-Si bonds [33]. The above
results indicate that DDA is adsorbed on the surface of silicon after the addition of DDA.
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The three-dimensional height morphology, changes in surface roughness value, two-
dimensional geometric morphology, and cross-sectional height of DWSSS before and after
DDA addition are presented in Figure 7. According to Figure 7a, it can be understood that
the Ra and Rq of DWSSS increased with Rq increasing from 123 nm to 207 nm, whereas Ra
increased from 95 nm to 164 nm after the addition of DDA. This indicates an increase in
surface roughness after silicon adsorption with DDA [34–36]. Additionally, Figure 7(b1,b2)
shows that the maximum cross-sectional height of DWSSP is about 250 nm, and a smooth
surface with a minimum value of around −300 nm appeared in the silicon. On the other
hand, Figure 7(c1,c2) shows that the surface of the silicon particle becomes rough after the
addition of DDA, where the maximum cross-sectional height of the silicon is approximately
500 nm and a minimum value is approximately −400 nm. This is because the surface of
silicon particles becomes rough after DDA adsorption thereby increasing the recovery of
silicon, which is consistent with the flotation experiment results.

The surface morphology of the DWSSS is shown in Figure 8(a1). It can be seen from
Figure 8(a2) that the silicon particles in DWSSS and DWSSS–DDA are light gray and
mainly composed of Si, O, and C, where the main elements are silicon and carbon, with
a silicon content of 52.8% and a carbon content of 33.5%. The surface morphology of the
DWSSS–DDA is shown in Figure 8(b1); the carbon content in DWSSS–DDA is 69.4%, and
the silicon content is 14.6%, as shown in Figure 8(b2). The significant increase of carbon
content indicates that DDA has adsorbed in the silicon surface of the DWSSS after the
addition of DDA.
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Figure 7. (a) Three-dimensional height morphology and roughness changes in DWSSS before and
after DDA addition; (b1,b2) two-dimensional geometric morphology and cross-sectional height of
DWSSS; (c1,c2) two-dimensional geometric morphology and cross-sectional height of DWSSS-DDA.
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2.4.2. Interface Adsorption Behavior of DDA

The Adsorption Locator module is used to locate the adsorption position of DDA
molecule on the Si surface. To test the adsorption positions of DDA molecules in an aqueous
solution system with Si, an adsorption substrate was established with a Si (111) crystal plane
cut to a thickness of 6 Å, a supercell of 7 × 7, and a vacuum layer thickness of 40 Å. The
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adsorbates consisted of 5 DDA molecules and 500 H2O molecules. The calculation results
are shown in Figure 9, where Figure 9a presents the optimal adsorption configuration,
the green circle is the location of five DDA molecules. It can be seen from the optimal
adsorption configuration that DDA, as a macromolecule, has multiple adsorption sites
on Si (Top site, Bridge site). The test results indicate that DDA is more inclined to adsorb
horizontally on the Si surface. Figure 9b illustrates the most likely adsorption positions of
DDA on the Si surface, with the red positions indicating the locations where adsorption is
most likely to occur.
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(b) density map of adsorption region of DDA on Si (111) surface in aqueous solution.

In order to further test the adsorption position of DDA on the Si (111) surface, an
adsorption substrate is established, and the Si unit cell is cut to obtain the (111) crystal
plane, with a surface layer cutting thickness of 4 Å. A supercell of 5 × 5 is created, and
the vacuum layer thickness is set to 15 Å. The adsorbate is a single DDA molecule. The
calculation results are shown in Figure 10. The analysis of the adsorption positions of
Si (111) and DDA is illustrated in Figure 10a, with the most probable adsorption position
marked in red. The stereoscopic and top views of the five positions where Si (111) and DDA
are most likely to adsorb are shown in Figure 10b–e, and the DDA molecules adsorbed on
Si are macromolecules, and there are many adsorption sites (Top site and Bridge site). The
adsorption energy of five different adsorption sites is shown in Table 1. It can be seen that
the adsorption reaction between Si (111) and DDA can occur spontaneously, the energy is
low, and the adsorption model is stable.

Through DFT calculations, the interfacial adsorption behavior between DDA and
silicon in the DWSSS is further revealed from a microscopic perspective. The adsorption
site of DDA on Si is the bridge site. A Si-DDA model was established with a Si (111)
surface layer thickness of 3 Å, a supercell of 3 × 3, and a vacuum layer thickness of 10 Å
to explore the adsorption pathway of Si and DDA. The established adsorption model is
shown in Figure 11a. The model underwent geometric structure optimization, and the
optimized model is shown in Figure 11b. It can be seen that the positions of the atoms in
the adsorption model changed after geometric optimization, and the optimized model was
used for DFT calculations involving Si atoms and DDA molecules.

After the adsorption process of the Si-DDA system, the differential charge density
map was taken from the plane that intersects the maximum number of atoms, as shown in
Figure 12a. The differential charge density maps are illustrated in Figure 12b,c. It can be
qualitatively analyzed that after DDA is adsorbed on Si, the charge of the H atoms on DDA
increases, while the C atoms, N atoms, and the Si atoms lose charge.
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Table 1. Energy results of Si (111) and DDA at different adsorption sites calculated by Adsorption
Locator module.

Model Site 1 Site 2 Site 3 Site 4 Site 5

Total Energy (kcal/mol) −59.32 −59.12 −58.91 −58.65 −58.45
Adsorption Energy (kcal/mol) −44.09 −43.89 −43.69 −43.43 −43.22

Adsorption Energy (eV) −1.90 −1.89 −1.88 −1.87 −1.86
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The DFT calculation shows the average Mulliken population distribution of each atom
in Si-DDA after adsorption, which is listed in Table 2. It can be observed that C gains
electrons from the Si (111) surface, while H, N, and Si lose electrons, indicating a transfer of
electrons from H, N, and Si atoms to C atoms after adsorption.
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Table 2. Average Mulliken population of atoms in Si (111) surface after DDA molecule adsorption.

Type of Atom
Atom Orbit

Total Charge/e
S P

H 0.37 0.00 10.09 6.81
C 0.64 1.60 26.86 −5.72
N 0.82 2.10 2.90 −0.82
Si 0.70 1.30 108.13 −0.27

The Mulliken population distribution of various chemical bonds after Si and DDA
adsorption is shown in Figure 13. It can be observed that the population of Si-Si bonds,
C-C bonds, H-C bonds, C-N bonds, and N-Si bonds are all greater than 0. However, the
population of H-H bonds, H-Si bonds and C-Si bonds are all less than 0, indicating that
H-H bonds, H-Si bonds, and C-Si bonds cannot be formed. By comparing the bond lengths,
it can be concluded that the H-N bond with a bond length of 1.96 Å is the shortest among
the chemical bonds formed, indicating the strongest covalent bond strength for the H-N
bond in DDA.
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Figure 13. Mulliken population of band in Si (111) surface after DDA adsorption.

The band structure and density of states of the DDA and Si (111) surface before and
after DDA adsorption were analyzed to reveal the distribution of the electronic states of
Si and DDA during the adsorption process. The density of state distribution is shown in
Figure 14. The density of states is divided into three valence bands with the upper valence
band located at 0.4~17 eV, the middle valence band located at 0.4~−7.5 eV, and the lower
valence band located at −7.5~−23 eV before and after DDA adsorption on the Si (111)
surface. The upper valence band at 0.4~17 eV and the middle valence band at 0.4~−7.5 eV
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are mainly contributed by the P orbitals of the silicon atoms. In contrast, the S orbitals of
the DDA atoms mainly contribute to the lower valence band at −7.5~−23 eV.
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According to the DFT calculation results, the adsorption energy of Si before the
addition of DDA is −8172.65 eV, and the adsorption energy of DDA is −2604.36 eV. The
energy of the Si-DDA system after adsorption is −10,780.29 eV. According to Equation (3),
the energy difference ∆E is −3.28 eV, and the obtained ∆E indicated that the adsorption
process can spontaneously occur. Furthermore, the calculation results demonstrate that,
from a microscopic perspective, DDA can be adsorbed with the silicon of the DWSSS
thereby allowing the extraction of silicon from the DWSSS by flotation.

According to the research of the flotation interface behavior between DDA and silicon
and the interface adsorption behavior of DDA, DDA can spontaneously adsorb onto silicon
in the DWSSS. The roughness and hydrophobicity of the silicon surface were changed after
DDA was adsorbed to the silicon surface by flotation, making the silicon floatable thereby
enabling the separation of silicon in the DWSSS.

3. Materials and Methods
3.1. Materials and Reagents

The DWSSS used in this study was generated during the diamond wire saw cut-
ting process of a solar-grade crystalline silicon wafer. The image of DWSSS is shown in
Figure 15a, where the DWSSS is a gray-black suspension with a solid silicon content of
2.11%. The particle size distribution of the DWSSS is presented in Figure 15b, and the
silicon particle in DWSSS has an average particle size of 0.52 µm. The XRD analysis of
DWSSS for phase composition is demonstrated in Figure 15c, where it is revealed that
the phase component is silicon. Since the metal impurity content in DWSSS is usually
less than 1000 ppmw [37], this study does not account for the influence of impurities.
The non-polar hydrocarbon kerosene with a dosage of 0.2 mL per 400 mL of DWSSS was
used as a common collector. The flotation reagent sodium sulfide (Na2S) with 0.5 g per
400 mL of DWSSS and cationic collector DDA (CH3(CH2)11NH2) with a dosage of 0.4 g per
400 mL of DWSSS were used in the flotation experiment, respectively. The DDA acetate
was prepared by DDA and glacial acetic acid in a mass ratio of 1:3. A ratio of 2:3 of DDA to
kerosene was mixed and shaken, then heated in a water bath at 50 ◦C for 10min to prepare
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a homogeneous solution. The DDA, glacial acetic acid, and sodium sulfide reagents were
of analytical grade, while the kerosene was of chemical grade. The amount of flotation
reagent used in the preparation of the sample for analysis and detection is 10 times that in
the flotation experiment.
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Figure 15. (a) Image of original DWSSS; (b) particle size distribution of DWSSS; (c) XRD phase
analysis result of DWSSS.

3.2. Microflotation Experiment

The flotation experiment was carried out with an XFDIV flotation machine, and the
experimental process is shown in Figure 16a,b. The flotation experimental procedure is as
follows: (1) 400 mL of DWSSS is placed into a 500 mL flotation cell, then water is added
to the flotation cell to maintain the total volume of the slurry at 500 mL; (2) the impeller
speed is set at 1920 r·min−1 in the flotation process; (3) the DWSSS is stirred in the flotation
cell for 2 min to obtain a homogeneous flotation slurry, then the collector is added to
the slurry and stirred for 3 min; (4) air is pumped into the flotation cell at 200–300 L/h;
(5) once the air is turned on, twelve two-minute concentrates are collected by scraping
the froth every five second, a total flotation time of 24 min; and (6) the recovered silicon
concentration and tailings are filtered and then dried at 80 ◦C until a constant weight is
maintained. The recovery of the silicon was calculated by weighing, and the samples were
then characterized and analyzed.
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The recovery of silicon can be calculated through Equation (1) [38].

εsilicon =
Qk

Qk + Qn
× 100% (1)
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where Qk (g) is the weight of the silicon concentrate; Qn (g) is the weight of the tailings;
and εsilicon (%) is the recovery of the silicon in the DWSSS.

3.3. Flotation Kinetics Analysis

The experimental results are fitted by using the first-order classical flotation rate
model [39], and the equation can be described through Equation (2).

ε = ε∞[1 − exp(−kt)] (2)

where ε (%) is the recovery of the silicon concentrate; ε∞ (%) is the maximum flotation
recovery, which is expected to be achieved according to the experimental results, and ε∞ is
taken as 98%; k is the flotation rate constant; and t (min) is the flotation time.

3.4. Characterization Methods

The potential was measured by using a zeta potential analyzer (Zeta, Malvern ZEN-
3700, United Kingdom). The contact angle was tested by using a surface tension meter (CA,
Krüss K100, Germany), through the dynamic capillary penetration method. The chemical
bonds on the surface were analyzed by using a Fourier transform infrared spectrometer
(FTIR, Bruker ALPHA, Germany). The change in morphology was determined by using an
atomic force microscope (AFM, Bruker Dimension Icon, United States). The changes in the
surface morphology were observed by using a scanning electron microscope (SEM-EDS,
ZEISS Gemini 300, Germany).

3.5. DFT Calculation

The adsorption location of DDA on Si was preliminarily calculated by using the
Adsorption Locator module of Materials Studio (2023) software. The force field type in the
calculation process is COMPASS II, and the fixed energy window is 100 kcal/mol. Density
functional calculations were performed on the adsorption of DDA on Si using the CASTEP
module. CASTEP simulates the properties of material interfaces and surfaces based on first-
principles density functional theory. Utilizing plane wave pseudopotential theory based
on total energy, it predicts properties such as lattice parameters and charge density using
the number and type of atoms [40]. This study employs the Broyden–Fletcher–Goldfarb–
Shanno (BFGS) optimization algorithm and utilizes the generalized gradient approximation
(GGA) for exchange-correlation energy, providing a more comprehensive description of
charge systems [41]. The Perdew–Burke–Ernzerhof (PBE) functional is applied to describe
the exchange-correlation energy [42]. The Tkatchenko–Scheffler method, based on density
functional theory (DFT), enhances the accuracy of electronic structure calculations by
considering long-range interactions. To optimize traditional van der Waals corrections
and improve computational accuracy while maintaining efficiency, the DFT-D3 dispersion
correction uses the Tkatchenko–Scheffler method for calculations [43,44].

The crystal structure of Si has the parameters of a = b = c = 5.4307 Å and α = β = γ = 90◦.
The adsorption energy of DDA on the Si surface could be calculated through Equation (3).

∆E = ESi−DDA − ESi − EDDA (3)

where ∆E (eV) denotes the adsorption energy; ESi (eV) and ESi-DDA (eV) are the total energy
of the Si (111) surface before and after the adsorption, respectively; and EDDA is the energy
of the DDA collector.

4. Conclusions

Based on the present study, the following three conclusions can be drawn:

(1) The flotation experiments show that silicon could be efficiently extracted from the
DWSSS with flotation, and the maximal recovery of silicon can reach 98.2% with a
DDA dosage of 0.6 g·L−1 and natural pH within 24 min.
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(2) The flotation process follows a first-order kinetics model. When the slurry pH is
between 4 and 5, the recovery of silicon is highest when the DDA dosage is 0.6 g·L−1,
and the flotation rate constant is highest when the DDA dosage is 0.9 g·L−1.

(3) The interface and adsorption behavior between the DDA and DWSSS indicate that
DDA adsorbs on the silicon surface during the flotation process, modifying the silicon
surface and improving hydrophobicity and floatability.

This study proposes an efficient process for silicon extraction from the DWSSS, which
has the advantages of high silicon recovery, a short processing cycle, easy operation,
and a low possibility of introducing metal impurity to achieve sustainable silicon waste
resource recovery.
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Abstract: Toxic heavy metal ions, such as lead ions, significantly threaten human health and the
environment. This work introduces a novel method for the simple and sensitive detection of lead ions
based on biochar-loaded titanium dioxide nanoparticles (BC@TiO2NPs) nanocomposites. Eco-friendly
biochar samples were prepared from spent coffee grounds (500 ◦C, 1 h) that were chemically activated
with TiO2 nanoparticles (150 ◦C, 24 h) to improve their conductivity. Structural characterizations
showed that BC@TiO2NPs have a porous structure. The BC@TiO2NPs material was evaluated for lead
ion determination by assembling glassy carbon electrodes. Under optimal conditions, the sensor was
immersed in a solution containing the analyte (0.1 M NaAc-HAc buffer, pH = 4.5) for the detection
of lead ions via differential pulse voltammetry. A linear dynamic range from 1 pM to 10 µMwas
achieved, with a detection limit of 0.6268 pM. Additionally, the analyte was determined in tap water
samples, and a satisfactory recovery rate was achieved.

Keywords: coffee grounds-derived biochar; TiO2 nanoparticles; lead ions electrochemical sensor

1. Introduction

Currently, heavy metal contamination has become much more critical due to the
increase in the Industrial Revolution. Lead (Pb) is a relatively abundant heavy metal,
present in the Earth’s crust with an abundance of 0.0016% [1]. First used by humans as early
as 3000 BC, Pb has been considered highly toxic for human health and the environment [2].
Pb is a hazardous non-biodegradable heavy metal. As Pb is smelted from ores and used
in gasoline, batteries, pigments, etc., the resulting environmental pollution dramatically
impacts ecosystems [3]. The lead ions in mines may cause water pollution when they are
slowly released into the water environment through rainwater.

Additionally, it has been reported that lead ions can reach the human body through
the gastrointestinal tract, respiratory tract, and skin and damage the nervous system, re-
sulting in kidney, brain, and liver damage [4]. Moreover, lead ions in the human body in
concentrations of 30–1000 µg L−1 can cause diseases such as atrophy, interstitial nephritis,
colic, and anemia, among others [5]. The Drinking Water Quality Act criterion specified
the value of 10 µg L−1 according to the guidelines established by the World Health Organi-
zation; therefore, it is harmful when the concentration of lead ions exceeds this value [6].
Considering the importance of the above, developing rapid and sensitive methods for
detecting lead ions is crucial for analytical and environmental disciplines.

A large number of traditional analytical methods have been developed for the de-
termination of lead ions, such as atomic absorption spectrometry [7], colorimetry [8],
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high-performance liquid chromatography (HPLC) [9], inductively coupled plasma analy-
sis [10,11], mass spectrometry [12], fluorimetry [13,14], and electrochemistry [15], among
others. Although these techniques for the detection of trace levels of Pb have their specific
applicability and ability to improve the sensitivity, they exhibit typical shortcomings, in-
cluding requiring expensive instruments, tedious operational procedures, relatively slow
detection speeds, the specific design of responsive molecules, etc. Additionally, researchers
are still seeking improvements in detection approaches, such as low cost, high sensitivity,
simple operation, and ease of use. In comparison, electrochemical methods are more ad-
vanced, portable, and sensitive detection technologies, allowing rapid and simultaneous
evaluations for lead ions [16].

Several lead ion electrochemical sensors focused on analyzing different surface mod-
ifiers have been developed in the past decade. Based on broad prospects for chemically
modified electrodes and technological innovations toward advanced materials, developing
a novel and effective approach for the electrochemical detection of lead ions has become a
research hotspot. At present, studies on lead ion detection mainly focus on using various
electrocatalysts, including metal–organic frameworks [17], carbon materials [18], poly-
mers [19], bismuth-based materials [20], and functionalized DNA probes [21]. However,
these materials do not meet the global demand for “carbon peaking” and “carbon neutral-
ity” and may cause significant environmental damage. Therefore, it is necessary to develop
low-cost and environmentally friendly electronic devices for lead ion detection [22].

Biochar (BC), a carbonaceous product from pyrolysis of biomass resources under a
limited oxygen supply, has piqued research interest because of its environmentally friendly
precursors [23]. Typically, a wide range of biomass industrial byproducts [24], plants [25],
agricultural wastes [26], and forest residues [27] can be used cost-effectively for producing
different types of biochar. Furthermore, biomass-derived biochar exhibits several distinc-
tive characteristics, including chemical inertness, a sizable surface area, charged surfaces,
and economic favorability. Consequently, it is applied in different fields such as heavy
metal ion treatment [28], energy storage conversion devices [29], biomedicine [30], elec-
trochemical sensors [31], photocatalysis [32], and others. Interestingly, these applications
are mainly focused on an excellent adsorption capacity for positively charged metal ions
because the biomass-derived biochar surface possesses a negative charge [33]. Previous
studies indicated that physical and chemical interactions (electrostatic attraction, complex-
ation, etc.) play critical functional roles in the adsorption mechanism [34]. Thus, surface
modification has garnered significant attention to enhance raw biochar’s catalytic and
absorption performances and obtain optimal composites.

Modifying biochar involves various techniques, including physical and chemical meth-
ods, to improve specific functionalities or properties. In recent times, acids [35], alkaline
agents [36], metal oxides, and salts [37] have been utilized as chemical modifiers for the ad-
sorption of heavy metal ions due to their high potential. Typically, metal oxides (Co3O4 [38],
Fe3O4 [39], MoS2 [35], TiO2 [40]) have the potential to enhance affinity toward heavy metal
contaminants because they can significantly improve the surface sorption, catalytic, and
fixation abilities of biochar. Nanobiochar composites modified by metal oxides are an
emerging material with exceptional quality. Among them, biochars modified with TiO2
nanomaterials are widely used as photocatalysts and adsorbents for heavy metal ions and
organic pollutants [41,42]. In addition, TiO2 nanoparticles with different crystal planes
have been applied to improve the catalytic effect of hydrogen absorption [43–45]. However,
to the best of our knowledge, an electrochemical sensor based on a biochar–TiO2 nanocom-
posite has rarely been investigated. On the other hand, designing sustainable BC-based
hybrid nanocomposites with appropriate surface functionalization is still challenging [46].

Herein, an electrochemical sensor was fabricated to analyze lead ions by modifying
TiO2 nanoparticles on the surface of biochar (BC@TiO2NPs). Porous carbon materials were
obtained by using spent coffee grounds. The prepared BC@TiO2NPs exhibited excellent
electrical conductivity, which improved the adsorption capacity towards lead ions in
aqueous solution. The influence of the experimental conditions on the lead ion detection
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was investigated. Finally, this work demonstrated that BC@TiO2NPs/GCE possessed good
sensitivity for the detection of lead ions.

2. Results and Discussion
2.1. Detection Principle of the Sensor

This study introduced a rapid and sensitive detection method for Pb2+ based on a
glass carbon electrode modified with a BC@TiO2NPs nanocomposite. The schematic of
the BC@TiO2NPs nanohybrid synthesis and stepwise fabrication of the sensor is shown
in Scheme 1. The BC was obtained using coffee grounds as the precursor by the thermal
carbonization method (a). Then, TiO2 particles were randomly embedded into the BC
network using an easy one-pot hydrothermal method (BC@TiO2NPs) (b). Next, the pre-
pared BC@TiO2NPs composite was used to develop an efficient electrochemical sensing
probe. When the probe was exposed to the Pb2+ solution, Pb2+ was first adsorbed onto
the surface of the BC@TiO2NPs nanocomposite and then reduced to a low-valence state.
This is because TiO2 nanoparticles can produce electron–hole pairs, and these carriers can
redox-react with lead ions under an excitation voltage condition. Additionally, chelate com-
plexes were formed on the surface of the BC@TiO2NPs nanocomposite owing to the empty
orbital provided by lead ions and the lone pair electrons produced by the oxygen atoms in
TiO2 nanoparticles (c). This greatly facilitated Pb2+ adsorption within the micropores and
improved the sensitivity of the sensor towards Pb2+. Consequently, quantitative detection
of Pb2+ was achieved by recording the electrochemical signals generated by the lead ion
redox process.
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reaction mechanism of lead ions with the BC@TiO2NPs nanocomposite material.

2.2. Characterization of BC and BC@TiO2NPs Nanohybrid

The BC@TiO2NPs were prepared using biochar obtained from coffee grounds as the
precursor. A scanning electron microscope (SEM) was employed to inspect the morphology
and microstructure of the as-prepared BC and BC@TiO2NPs materials. As illustrated in
Figure 1A, the BC showed a blocky porous structure that can facilitate rapid ion transport,
and the porosity was roughly calculated as 4.207%, according to the ratio of the porous
area to the total area of the SEM image (Table S1). As seen from Figure 1B, small-sized TiO2
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nanoparticles (average 0.5218 µm in Figure S1A) were randomly self-assembled on the
surface of the BC composite through the interaction between the BC and TiO2. Additionally,
we provide real sample images of BC and BC@ TiO2NPs materials in Figure S1B. The results
showed a distinct color change between the two materials. Consequently, these results
indicated the successful preparation of the BC@TiO2NPs nanohybrid composite, which can
be used for the electrochemical sensor construction.
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Figure 1. SEM images of BC (A) and BC@TiO2NPs (B).

2.3. Electrochemical Behavior of Modified Electrodes

The electrochemical properties of the modified electrode were characterized by cyclic
voltammetry (CV) and electrochemical impedance spectroscopy (EIS) using 5.0 mM K3
[Fe(CN6)]3−/4− containing 0.1 M KCl as an electrolyte. The cyclic voltammograms and
the Nyquist plots of bare GCE, BC/GCE, and BC@TiO2/GCE are shown in Figure 2. As
seen in Figure 2A, the bare GCE produced a pair of well-defined redox peaks (curve a),
ascribed to the oxidation and reduction reactions between [Fe(CN6)]3−/4− ions. However,
after BC material modification (BC/GCE), there was a significant reduction in the redox
peak (curve b) because of the constraint of the electron transfer toward redox reactions
caused by the porous BC with poor electronic conductivity. Notably, after introducing
TiO2NPs onto the surface of the BC material to form BC@TiO2/GCE (curve c), the redox
peak significantly increased, which could be attributed to parts of TiO2 nanoparticles being
electroactive and improving the charge transfer ability. This also confirms the successful
decoration of BC and BC@TiO2 onto the surface of GCE. These results were consistent
with the corresponding EIS characterizations (Figure 2B), in which the electron transfer
resistance varied for the differently assembled electrodes. The semicircular diameter of the
impedance equaled the electron transfer resistance (Ret) at the electrode interface, which
confirmed the electrode modification process.
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Figure 2. Characterization of the Pb2+ electrochemical sensor. CV (A) and EIS (B) of differently
assembled electrodes: bare GCE (a), BC/GCE (b), BC@TiO2NPs/GCE (c); EIS and CV were operated
in 0.1 M KCl containing 5 mM [Fe (CN)6]3−/4− with the frequency range from 0.1 Hz to 100 kHz, the
amplitude of 10 mV, and the scanned potential from -0.2 V to +0.6 V, with a scan rate of 0.05 V/s.

86



Molecules 2024, 29, 5704

2.4. Feasibility Validation of the Electrochemical Sensor

To ensure the success of the subsequent experiment and investigate the electrochemical
response of Pb2+ by the GCE, BC/GCE, and BC@TiO2NPs/GCE sensors, a differential
pulse voltammetry (DPV) experiment was performed in 0.1 M NaAc-HAc buffer (pH = 4.5)
containing 10 µM lead ions. As depicted in Figure 3, in the presence of bare GCE, there
was almost no peak current at −0.80 V (curve a). In contrast, the modified electrode
(BC@TiO2/GCE) exhibited a well-defined oxidation peak current response (curve b), three
times higher than that of bare GCE and BC/GCE. The porous structure of BC causes the
cationic lead to be adsorbed in the pores. Subsequently, the lead ion is electrochemically
reduced to zero valence under the applied voltammetry potential and then oxidized to
generate an anodic peak current. These results show that the TiO2NPs decoration on the
BC results in a synergy that leads to a notable improvement in the surface area, electronic
conductivity, and active functional sites. However, a distinct decrease in the peak current
was observed when the BC was immobilized on the bare GCE (curve c). This decrease
in the current value indicates that the unmodified biochar can hinder the diffusion of the
redox species toward the electrode surface from the electrolyte. These results confirm the
efficiency of the designed strategy for detecting lead ions.
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2.5. Optimization of Conditions

In order to achieve the best experimental conditions for detecting lead ions, the key
factors were optimized, including the type and pH of the electrolyte, concentration of
BC@TiO2NPs, and deposition time.

2.5.1. Effect of Electrolyte and pH

Supporting electrolytes maintain a homogeneous electric field in electrochemical
investigations involving the oxidation and reduction of the analyte molecule. As shown in
Figure S2, the current signal and potential peak of the analyte are significantly influenced
by various electrolytes, including phosphate acid buffer solution (PBS), acetic acid buffer
solution (NaAc-HAc), and ammonium chloride buffer solution (NH3H2O-NH4Cl). The
results revealed that the NaAc-HAc buffer displayed the maximum peak current (Ipa).
Consequently, the NaAc-HAc buffer was considered the optimal supporting electrolyte
for the further detection of lead ions. Next, the effect of pH on the lead ion response in
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NaAc-HAc buffer was evaluated. The DPV response of BC@TiO2NPs/GCE sensor was
recorded in various pH values (4.0–6.5) of NaAc-HAc buffer. The current response reached
the highest value when the solution pH was 4.5 (Figure S3), probably because overly acidic
or basic solutions affect the target’s molecular structure. Therefore, the following sensing
process was carried out under pH = 4.5.

2.5.2. Effect of Concentration of BC@TiO2NPs Composite

The concentration of the BC@TiO2NPs composites during the electrocatalytic pro-
cess directly affected the electrochemical performance for determining lead ions. As
seen in Figure S4, when the BC@TiO2NPs concentration increased from 2 mg/mL to
12 mg/mL, the oxidation current intensity increased and reached its maximum value at
10 mg/mL. The porous structure of BC@TiO2NPs composite offers electroactive sites at
the electrolyte−electrode interface. However, overloading can affect the thickness of this
composite, hindering lead ion diffusion and increasing electron transport resistance. Thus,
10 mg/mL BC@TiO2NPs was utilized for the following detection experiments.

2.5.3. Effect of Deposition Time

The effect of the deposition time of lead ions on BC@TiO2NPs/GCE was studied
within the range of 1 to 12 s (Figure S5). It was observed that the current value exhibited a
gradual increase with the extension of the deposition time up to 3 s. Hence, an adsorption
time of 3 s was selected for practical purposes in the subsequent experiment.

2.6. Analytical Performance of the Proposed Method

Under the optimized experimental conditions (pH = 4.5, NaAc-HAc buffer, 10 mg/mL
BC@TiO2NPs, 3 s deposition time), DPV was employed to detect Pb2+ adsorption behavior
on BC@TiO2NPs/GCE. As depicted in Figure 4 A, the oxidation peak current (Ipa) increased
with the increase in Pb2+ concentration. Ipa presented a well-defined linear relationship with
the logarithm of Pb2+ concentration in the 1 pM-10 µM range. The corresponding linear
regression equation was expressed as I (µA) = 2.23541logCPb2+ + 31.8198 (R2 = 0.9667),
and the detection limit was determined to be 0.6268 pM according to the calibration
curve method. The calculation formula of LOD is LOD = 3σ/S, where σ is the standard
deviation of the detection value of blank samples, and S is the slope of the calibration curve.
This result indicated that more lead ions were adsorbed onto the cavities of the porous
biochar owing to abundant binding sites at the BC@TiO2NPs nanocomposite. Compared
with previously reported electrochemical sensors for lead ions (Table 1), the proposed
BC@TiO2NPs-modified electrode presented better analytical performance. Therefore, the
fabricated sensor significantly improved the detection sensitivity toward lead ions.
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Table 1. Comparisons of the proposed electrochemical sensor with the reported methods.

Strategy Technique Linear Range/µM LOD/µM Reference

G-C-4/SPE SWASV 0.05–1 0.0089 [1]
PA-PPy@SPCE DPASV 0.01–6 0.43 × 10−3 [47]
CHO/CS-
GO/Pb(II)/Aptmer/MCH/AuNPs/GCE DPV 0.483 × 10−6–0.965 × 10−5 0.384 × 10−6 [48]

BC@TiO2NPs/GCE DPV 1 × 10−6–10 0.6268 × 10−6 This method

2.7. Selectivity, Reproducibility, and Stability Investigation

To assess the selection accuracy of the prepared BC@TiO2NPs sensor, the selectivity
was estimated using 100 µM solutions of different cations (Cd2+, Ca2+, Cu2+, Mg2+, Ba2+,
Al3+, Zn2+). The results revealed that the current signal of Pb2+ ions exhibited a maximum
value (Figure 5A). However, the sensor’s response to different ions (Cd2+, Ca2+, Cu2+, Mg2+,
Ba2+, Al3+, Zn2+) was almost equivalent, which may mean that changes in the ionic strength
can affect the electrode response. In addition, the interfering ions may react chemically with
the electrode membrane, resulting in a change in the properties of the electrode membrane,
which then produces a potential response. In general, the proposed method based on the
BC@TiO2NPs composites possessed good specificity for Pb2+ detection.
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ard deviation (RSD) value was found to be 2.50% (n = 5), indicating good repeatability of 
the developed sensor. In addition, one independent BC@TiO2NPs/GCE electrode was also 
used to test the reproducibility experiment under same conditions. The results are shown 
in Figure S6A, and the RSD was calculated as 14.8%, which indicated that the 
BC@TiO2NPs/GCE can operate under different lead ion concentrations. 

Stability is also crucial in assessing the sensor’s performance and service life. Here, 
10 mg/mL of BC@TiO2NPs-altered GCE was stored for 1 day, 2 days, and 3 days at room 
temperature, respectively. Furthermore, the DPV signals are shown in Figure 5C, and 
there were fewer changes in the observed current signals for each measurement, demon-
strating commendable storage stability with an RSD of 2.70%. To estimate the lifetime of 
BC@TiO2NPs/GCE electrode, cyclic experiments were carried out via cyclic voltammetry 
(CV) technology (Figure S6B). The results shown that as the number of cycles increased, 
the oxidation peak current of lead ions gradually enhanced, possibly due to the electro-
adsorption and desorption reactions of lead ions on the BC@TiO2NPs/GCE electrode sur-
face. The capacity retention rate of the sensor was about 116.0% even after 50 cycles ac-
cording to the formula: Capacity Retention Ratio = In/I0, where In is the peak current value 
after 50 cycles, and I0 is the initial peak current value, indicating that the sensor had excel-
lent storage capacity. 

   

Figure 5. (A) High selectivity of the designed sensor for Pb2+ detection. One µM of Pb2+ and various
ions, including Cd2+, Ca2+, Cu2+, Mg2+, Ba2+, Al3+, and Zn2+ (100 µM), were used in the experiments.
(B) Reproducibility of the Pb2+ electrochemical sensor was evaluated by measuring 10 µM of lead ions
with different electrodes. (C) Stability evaluated by the BC@TiO2NPs/GCE sensor in the presence of
lead ions.

To evaluate the reproducibility of the sensor, further investigations were conducted by
preparing five BC@TiO2NPs/GCE sensors using the same modification process and testing
them with 10 µM lead ions in NaAc-HAc buffer solution (pH = 4.5). It was observed that
the peak current of lead ions was roughly the same (Figure 5B), and the relative standard
deviation (RSD) value was found to be 2.50% (n = 5), indicating good repeatability of
the developed sensor. In addition, one independent BC@TiO2NPs/GCE electrode was
also used to test the reproducibility experiment under same conditions. The results are
shown in Figure S6A, and the RSD was calculated as 14.8%, which indicated that the
BC@TiO2NPs/GCE can operate under different lead ion concentrations.

Stability is also crucial in assessing the sensor’s performance and service life. Here,
10 mg/mL of BC@TiO2NPs-altered GCE was stored for 1 day, 2 days, and 3 days at
room temperature, respectively. Furthermore, the DPV signals are shown in Figure 5C,
and there were fewer changes in the observed current signals for each measurement,
demonstrating commendable storage stability with an RSD of 2.70%. To estimate the
lifetime of BC@TiO2NPs/GCE electrode, cyclic experiments were carried out via cyclic
voltammetry (CV) technology (Figure S6B). The results shown that as the number of cycles
increased, the oxidation peak current of lead ions gradually enhanced, possibly due to
the electro-adsorption and desorption reactions of lead ions on the BC@TiO2NPs/GCE
electrode surface. The capacity retention rate of the sensor was about 116.0% even after
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50 cycles according to the formula: Capacity Retention Ratio = In/I0, where In is the peak
current value after 50 cycles, and I0 is the initial peak current value, indicating that the
sensor had excellent storage capacity.

2.8. Analysis of Water Samples

To evaluate the practical performance of the fabricated BC@TiO2NPs/GCE sensor,
it was applied to analyze the content of lead ions in a natural water sample. Initially,
the quantification of lead ions was conducted through the standard addition method,
and different concentrations of lead ions (1, 10, and 100 nM) were spiked into tap water
samples, respectively. Next, the current response was determined using the DPV technique
under the same conditions. As presented in Table 2, the recovery rates of lead ions from
the water samples ranged between 100.09 and 103.0% with RSD values from 0.8792 to
1.0910%, suggesting the high potential of the BC@TiO2NPs/GCE sensor for the reliable
determination of lead ions in the actual water samples.

Table 2. Detection of Pb2+ in an actual water sample (n = 3).

Sample (Tap Water) Added (nM) Found (nM) Recovery (%) RSD (%)

1 0 0 0 0
2 1 1.030 103.00 0.9324
3 10 10.046 100.46 0.8792
4 100 100.088 100.088 1.0910

3. Materials and Methods
3.1. Reagent and Apparatus

Waste coffee grounds were purchased from Arabica-Cardim Coffee in Nandu River,
Pu’er, Yunnan province. Titanium dioxide (TiO2), ammonia water (NH3 H2O), ethyl alco-
hol (CH3CH2OH, 95%), glacial acetic acid (CH3COOH), and sodium anhydrous acetate
(CH3COONa) were provided by Shanghai Titan Scientific Co., Ltd. (Shanghai, China).
Sodium dihydrogen phosphate dihydrate (NaH2PO4 2H2O), disodium hydrogen phos-
phate dodecahydrate (Na2HPO4 12H2O), potassium hexacyanoferrate (III) (K3Fe(CN)6),
and potassium hexacyanoferrate (II) (K4Fe(CN)6 3H2O) were purchased from Tianjin
Damao Chemicals Reagent Factory (China). Anhydrous sodium sulfate (Na2SO4) was
supplied by Tianjin Zhiyuan Chemicals Reagent Co., Ltd. (Tianjin, China). Lead chloride
(PbCl2) was obtained from Shanghai Reagent Factory No.1 Co., Ltd. (Shanghai, China),
and solid potassium chloride (KCl) was purchased from Sichuan Xilong Science Co., Ltd.
(Sichuan, China). For evaluation of the sensor performance, calcium (Ca2+), cadmium
(Cd2+), copper (Cu2+), and magnesium (Mg2+) standard solutions were acquired from The
National Center for Analysis and Testing of Nonferrous Metals and Electronic Materials.
All solutions were prepared using ultrapure water.

Field emission scanning electron microscopy (SEM) images of the BC@TiO2NPs
nanohybrid were obtained using a German Zeiss Sigma 300 microscope. Cyclic voltam-
metry (CV), differential pulse voltammetry (DPV), and electrochemical impedance spec-
troscopy (EIS) measurements were performed using a CHI660C electrochemical work-
station (ChenHua Instrument Co., Shanghai, China) at room temperature. A typical
three-electrode system, composed of a bare or modified glass–carbon electrode (GCE) as
the working electrode, a saturated calomel electrode (SCE) as the reference electrode, and a
platinum wire as the auxiliary electrode, was used for electrochemical measurements.

3.2. Preparation of BC@TiO2NPs Nanocomposite

The BC@TiO2NPs nanocomposite was prepared using the following two steps. First,
the coffee grounds were boiled five times in ultrapure water and then dried at 80 ◦C for
three days. To obtain biochar (BC), the dried coffee grounds were carbonized at 500 ◦C
for 1 h in a tube furnace under a nitrogen atmosphere (10 ◦C/min). After screening with a
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0.125 mm sieve, the pyrolyzed coffee BC material was stored in sealed bottles for further
use. Afterwards, 2.1 g of pyrolyzed BC material and 0.9 g of TiO2 nanoparticles were mixed
in a Teflon-lined stainless-steel autoclave with 30 mL of ultrapure water. The mixture was
then heated to 150 ◦C for 24 h. Finally, the resulting product was centrifuged and rinsed
with Milli-Q water and ethyl alcohol repeatedly. After that, the obtained sample was dried
at 60 ◦C for 24 h and named BC@TiO2NPs.

3.3. Fabrication of Electrochemical Sensor for Lead Ions

Before preparing the modified electrode, a GCE was initially polished with 0.3 and
0.05 µm Al2O3 powder to improve its surface kinetics. Then, it was ultrasonically cleaned
with ethanol and ultrapure water for 1 min, respectively. Next, 10 mg of BC@TiO2NPs
nanocomposite was dispersed in 1 mL of ultrapure water (10 mg/mL) and treated in a
sonicator for 2 h; then, 10 µL of the uniform solution was withdrawn and dripped onto the
surface of the smooth and polished GCE, followed by drying naturally in air at 25 ◦C for
1 h. The modified electrode served as a working electrode for electrochemical detection.

3.4. Electrochemical Measurement

The electrochemical performance of the fabricated GCE was determined by cyclic
voltammetry (CV) and electrochemical impedance spectra (EIS) measurements. The CV
and EIS experiments were conducted using 5 mM [Fe (CN)6]3−/4− electrolyte containing
0.1 M KCl over the voltage range of −0.2–0.6 V, at a scan rate of 0.05 V/s, a frequency range
of 0.1 Hz to 100 kHz, and a potential amplitude of 10 mV. Differential pulse voltammetry
(DPV) curves were constructed using 0.1 M NaAc-HAc buffer (pH = 4.5) as the electrolyte
with the potential between −2.0 and 0.6 V, at a pulse time of 0.02 s, pulse period of 0.5 s,
and amplitude of 25 mV.

3.5. Optimization of Experimental Conditions

In order to achieve the best experimental conditions for detecting lead ions, this
experiment further studied the influence of possible factors, including the type of buffer
solution, pH, modification concentration of BC@TiO2NPs nanocomposite, and deposition
time. The selection of these experimental conditions was achieved using DPV technology,
with specific details described in Section 2.5.

3.6. Determination of Lead Ions

Lead ions were detected using DPV technology under the optimal experimental
conditions presented in Section 3.5. First, 40 mL of 0.1 M NaAc-HAc buffer solution with a
pH of 4.5 was taken in beaker, and an appropriate amount of lead standard solution was
added to prepare eight standard solutions with different concentrations of 1 pM, 10 pM,
100 pM, 1 nM, 10 nM, 100 nM, 1 µM, and 10 µM. Then, the pretreated three-electrode system
was inserted into the electrolysis tank and connected to the electrochemical workstation.
Referring to Section 3.4, the parameters of the DPV were set, and a scan was performed
in the potential range of −2 V to 0.6 V. The peak current values corresponding to lead
ions in the DPV curves were recorded, and a standard curve was plotted with the lead
ion concentration as the horizontal coordinate and the peak current value as the vertical
coordinate. The experimental result in Section 2.6 is based on this step.

3.7. Real Sample Tests

To investigate the practical application of the proposed sensor in routine analysis,
BC@TiO2/GCE was employed to detect Pb2+ in Pu’er water samples. First, local water
samples from Pu’er City were treated using a membrane filter with a pore size of 0.45 µm,
and the pH of the water samples was adjusted to 4.5 using a 0.1 M NaAc-HAc buffer
solution. A precise volume of 40 mL of the pretreated actual water sample was then placed
in a beaker, and known concentrations of lead ions within the linear range of the standard
curve, such as 1, 10, and 100 nM, were added as standard solutions. According to the
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electrochemical detection conditions in Section 3.6, the spiked water samples were tested
to obtain the desorption peak current. Based on the linear regression equation of the
standard curve, the concentration of spiked lead ions was calculated, and the recovery rate
was determined.

4. Conclusions

A simple, green, and sensitive BC@TiO2NPs-modified working electrode was suc-
cessfully fabricated and applied to detect lead ions. First, a BC@TiO2NPs nanocomposite
derived from coffee residue was synthesized and characterized using SEM, CV, and EIS
techniques. Then, TiO2 nanoparticles were successfully dispersed throughout the surface of
the mesoporous BC, which enormously improved the peak currents for lead ion determina-
tion. The resulting electrode demonstrated outstanding sensitivity, a low limit of detection
(0.6268 pM), a wide linear range (1 pM–10 µM), good interference, good repeatability,
and practical stability. Additionally, this sensor was employed to monitor lead ions in
real samples and displayed remarkable recovery values (100.09–103.0%). Therefore, the
results indicate that carbon materials derived from waste coffee residues can be utilized
to manufacture high-value devices. Additionally, the BC@TiO2NPs/GCE sensor has an
expectation for serving as a reliable electrochemical platform in the field of environmental
monitoring, demonstrating significant potential for reducing carbon footprints.

Supplementary Materials: The following supporting information can be downloaded at: https://
www.mdpi.com/article/10.3390/molecules29235704/s1, Figure S1: (A) The particle size distribution
histogram of TiO2 nanoparticles. (B) The real samples of BC and BC@TiO2NPs; Figure S2: (A) Effects
of various electrolytes including PBS, NaAc-HAc, NH3H2O-NH4Cl. (B) The error bars represent
the standard deviation of three independent experiments, n = 3; Figure S3: Effects of the pH on the
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Abstract: The commercialization of sodium batteries faces many challenges, one of which is the lack
of suitable high-quality separators. Herein, we presented a novel natural silkworm cocoon-derived
separator (SCS) obtained from the cocoon inner membrane after a simple degumming process. A
Na||Na symmetric cell assembled with this separator can be stably cycled for over 400 h under
test conditions of 0.5 mA cm−2–0.5 mAh cm−2. Moreover, the Na||SCS||Na3V2(PO4)3 full cell
exhibits an initial capacity of 79.3 mAh g−1 at 10 C and a capacity retention of 93.6% after 1000 cycles,
which far exceeded the 57.5 mAh g−1 and 42.1% of the full cell using a commercial glass fiber
separator (GFS). The structural origin of this excellent electrochemical performance lies in the fact
that cationic functional groups (such as amino groups) on silkworm proteins can de-solvate Na-
ions by anchoring the ClO4

− solvent sheath, thereby enhancing the transference number, transport
kinetics and deposition/dissolution properties of Na-ions. In addition, the SCS has significantly
better mechanical properties and thinness indexes than the commercial GFS, and, coupled with the
advantages of being natural, cheap, non-polluting and degradable, it is expected to be used as a
commercialized sodium battery separator material.

Keywords: sodium metal battery; separator materials; natural silkworm cocoon; Na-ion de-solvated
function; mechanistic analysis

1. Introduction

The growing energy demand has greatly prompted researchers to explore electrochem-
ical energy storage systems (EESs) with low-cost, high energy density and environmental
friendliness characteristics [1,2]. Among all available EESs, sodium metal batteries (SMBs)
are considered to be the most promising substitutes to Li-ion batteries (LIBs) owing to the
following unique advantages [3]: (i) SMBs work similarly to LIBs, so the research experi-
ence with LIBs can be utilized to develop SMBs [4]. (ii) Sodium resources are abundant
and evenly distributed worldwide, which leads to a potential low cost of sodium metal
anodes (SMAs) [5]. (iii) Sodium metal anodes possess low redox potential (−2.71 V vs.
the standard hydrogen potential), light weight (23 g mol−1) and high theoretical specific
capacity (1166 mAh g−1), endowing SMBs with high working voltage and high energy
density [6]. Despite the attractive advantages, the development of SMBs has encountered
various bottlenecks, one of which is the lack of high-quality separators [7].

As an important component of battery, the separator, on the one hand, bears the
task of isolating the flow of electrons between the cathode and anode within the battery;
on the other hand, it is also responsible for allowing ions to pass through smoothly [8].
There is no doubt that the quality of the separator determines the final performance of the
battery. Compared to Na-ion batteries, SMBs place a higher demand on the electrolyte
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wettability and uptake capability, thermal stability, mechanical strength and ion distribution
regulation ability of the separator [9]. Currently, the commercial Na-ion battery utilizes
an LIB separator, i.e., a polypropylene (PP) or polyethylene (PE) separator. However, due
to the drawbacks such as inferior electrolyte wettability, poor thermal stability and low
electrolyte uptake capability, PP/PE separators are unsuitable for SMBs [10]. Although
glass fiber separators (GFSs) can solve the above problems and are therefore widely used in
laboratory research, their excessive thickness and poor mechanical properties make them
difficult to apply in industrial production [11,12].

Scientists have made tremendous efforts to develop high-quality separators for SMBs [13].
Among them, biomass-derived separators have gained increasing attention due to their
environmental friendliness, renewability and resource abundance [14]. Casas et al. cross-
linked carboxymethyl cellulose (CMC) and hydroxyethyl cellulose (HEC) to prepare mem-
branes with large specific surface area [15]. The Na||Na3V2(PO4)3(NVP) battery assembled
with this biomass membrane as a separator delivered a residual capacity of 74 mAh g−1

after 10 cycles at 0.1 C with a nearly 100% Coulombic efficiency, which were both higher
than that of the battery using a commercial Whatman GFS (61 mAh g−1, 96%). Wang’s
group used electrospinning technology to construct cellulose nanocrystals into flexible
bifunctional separators and applied them to SMBs [16]. This kind of separator can not only
promote the uniform deposition of Na-ions on the anode by regulating the ion flow and
nucleation behavior, but can also take advantage of the mechanical strength to block the
continuous vertical growth of sodium dendrites, thus avoiding the occurrence of short
circuits. These studies confirm the potential of biomass-derived separators for SMB ap-
plications and inspire subsequent researchers to continue to delve deeper into the natural
treasure trove.

The silkworm cocoon is an amazing biological material that is naturally porous and
layered, and therefore has morphological similarities to battery separators. Based on this
similarity, silkworm cocoons have been initially developed as separators for LIBs [17–22].
Pereira et al. tested the suitability of silkworm cocoons as LIBs separators in carbonate-
based and trifluoromethylsulfonyl-based electrolytes, and the results prove that the former
electrolyte is more suitable for LIBs using cocoon separators [17]. In view of the multilayer
structure of cocoons, Guo et al. examined the electrochemical performance of sublayers at
different positions in cocoons and after stacking, and the results show that the inner layer
is more suitable as a separator for LIBs, and the multilayer structure is more beneficial
to the electrochemical performance [18]. It is well known that micro-morphology is an
important factor affecting the electrochemical performance of the separator, and in order
to regulate the pore structure in cocoon-based separators, Reizabal et al. treated cocoons
by a salting method [19]. The battery using a cocoon separator with a pore size range of
106–250 µm showed the best electrochemical performance, i.e., a discharge capacity of
66.9 mAh g−1 at 2 C and a residual capacity of 56.9 mAh g−1 after 55 cycles. In addition to
this, the lyophilization [20] and plasma treatment [21] of silk have been used to optimize
the morphology of cocoon-based separators with exciting progress.

In this paper, we reported a novel natural silkworm cocoon separator (SCS) for SMBs.
The unique advantage of SCSs over commercially available GFSs is that they can anchor
ClO4

− in the electrolyte by virtue of the abundant amino functional groups in the protein
molecular chain, thus enabling Na-ions to exhibit superior transport kinetics. Benefiting
from this, the Na||SCS||Na symmetric cell is able to cycle stably for more than 400 h at a
current density of 0.5 mA cm−2 with an areal capacity of 0.5 mAh cm−2, which far exceeds
the effective cycling time (~20 h) of the Na||GFS||Na symmetric cell under the same
test conditions. In addition, the Na||SCSs||NVP full cell exhibits a discharge capacity of
79.3 mAh g−1 at 10 C with a capacity retention rate of 93.6% after 1000 cycles. In order to
facilitate the reader to compare the differences in electrochemical performance between
the present work and previous cocoon separator studies, we summarize these findings in
Table S1.
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2. Results
2.1. Electrochemical Performance

In order to optimize the pore structure of silkworm cocoons and to expose the func-
tional groups on their protein molecules, natural silkworm cocoons were boiled in a weak
alkaline solution to remove the sericin [22]. The SCS sample has four broadened crystal
diffraction peaks located at 9.1◦, 20.5◦, 23.0◦ and 29.4◦ (Figure 1a). These diffraction peaks
should be attributed to the (100), (210), (002) and (300) crystal planes of β-sheet silkworm
protein, respectively [23–25]. Table S2 summarizes the structural parameters of each grain
surface calculated using Jade 6 software and the Debye–Scherrer formula, where a small
grain size (<4 nm) implies the poor crystallinity of the SCS sample [26,27]. In contrast,
no crystal diffraction peaks are observed in the XRD patterns of the GFS sample due to
the disordered characteristics of glass fiber [28]. Scanning electron microscopy (SEM) was
employed to observe the morphology features of the samples at the micron scale [29–31].
As shown in Figure 1b,c, the morphology of the inner and outer layers of the cocoon varies
greatly: the silkworm in the outer layer of cocoon is fluffy and stacked with large pores;
the silkworm in the inner layer of the cocoon is flat and stacked with small pores, and an
obvious bonding phenomenon can be observed. This bonding phenomenon is significantly
reduced after boiling (Figure 1d). In view of the advantages in regularity and pore structure,
the inner layer of the cocoon was selected as the separator for SMBs. The GFS also exhibits a
large pore structure and has no bonding points between its fibers (Figure 1e). The bonding
between fibers is likely to be the structural root cause of the superior mechanical properties
of the SCS over the GFS [32].
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Figure 1. (a) XRD of the SCS and GFS. SEM top view images of the outer layer (b), pris-
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SEM images of the SCS samples after 100 cycles at 5 C show no significant changes
in the SCS except that some deposits can be observed (as shown in Figure 1f,g). Based on
previous studies, it is known that these sediments are metallic sodium crystals and sodium
salt crystals, of which the former is predominant [33]. In order to evaluate the pore structure
of the separators more comprehensively, SEM tests were performed on the cross-sections
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of the cocoons and GFS, respectively. As shown in Figure 1h, the cocoons were clearly
stratified, with the inner layer being more regular and tightly packed compared to the
outer layer, which is consistent with the results observed in Figure 1b,c. The SCS, taken
from the inner layer of the cocoon, is much lower than the GFS (Figure 1i) in both porosity
and tortuosity.

The Na||Cu asymmetric and Na||Na symmetric cells using SCSs and GFSs as sepa-
rators were assembled for testing. As shown in Figure S1, the assembled Na||SCS||Cu
battery shows a lower nucleation over-potential of 0.065 V than that of the Na||GFS||Cu
battery (0.113 V), indicating that the SCS could decrease the nucleation resistance and local
current density during Na deposition [34]. Figure 2 presents the voltage–time profiles of
Na||Na symmetric cells with the SCS and the GFS. Notably, the Na||SCS||Na symmetric
cell can stably cycle for ~480 h and the polarization voltage is stabilized at only 0.04 V
throughout under 0.2 mA cm−2–0.2 mAh cm−2 test conditions (Figure 2a). As for the
Na||GFS||Na battery, the polarization voltage under the same test conditions is close to
0.075 V and short circuit occurs when the battery run for about 100 h. At the test conditions
of 0.5 mA cm−2–0.5 mAh cm−2, the Na||SCS||Na symmetric cell exhibits a polarization
voltage of ~0.05 V (Figure 2b). After 400 h of steady operation, the polarization voltage of
this battery rises slightly to ~0.09 V and eventually fails completely after 427 h of operation.
As a comparison, the Na||GFS||Na cell displays an initial polarization voltage as high as
0.125 V and only stably cycles for about 20 h. The above results indicate that SCS is more
beneficial as a battery separator for Na-ion transport and deposition/dissolution [35].
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profiles of the symmetrical Na||GFS||Na and Na||SCS||Na cells under current areal capacities of
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(d) cells; the insets are the corresponding EIS curves before and after chronoamperometry test.

To clarify the effect of the SCS on Na-ion transport in batteries, chronoamperometry
(CA) and corresponding electrochemical impedance spectroscopy (EIS) tests were per-
formed on the Na||GFS||Na and Na||SCS||Na cells. After careful comparison, all
the EIS curves in Figure 2c,d are well matched to the “Rs(QRct(QRCPE)(CdlRdl))” equiva-
lent circuit with errors of less than 4.1%. Here, Q represents the constant phase element
(CPE); Cdl represents double layer capacitance; and Rs, Rct, RCPE and Rdl represent so-
lution impedance, charge transfer impedance, CPE impedance and double capacitance
impedance, respectively [36,37]. As reported by the ZSimpwin 3.60 software fitting param-
eter (Table S3), the initial Rct of the Na||SCS||Na cell (134.6 Ω) is much smaller than that
of the Na||GFS||Na cell (205.7 Ω), indicating that the interfacial impedance between the
SCS and the sodium metal anode is smaller. The Na+ transference number (TNa+) of the
above symmetric cell can be calculated using the following equation [38,39]:

TNa+ = (Is × (∆V − I0 × R0))/(I0 × (∆V − Is × Rs))
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where ∆V, I0, Is, R0 and Rs are the constant applied voltage (10 mV), initial and steady-state
currents, and the Rct before and after the CA test. The calculated TNa+ of the Na||SCS||Na
cell is 0.81, which is higher than the 0.55 of Na||GFS||Na cell.

To further demonstrate the application potential of SCSs, the electrochemical perfor-
mances of Na||NVP full batteries using the SCS and the GFS were tested. As shown in
Figure 3a,b, the Na||GFS||NVP and Na||SCS||NVP cells exhibit similar electrochemical
reaction potentials (~3.4 V) and discharge capacities (~100 mAh g−1) at 0.1 C. When the
charge/discharge rate is increased to 10 C, the Na||SCS||NVP cell still displays a dis-
charge capacity of 79.3 mAh g−1, which is much higher than that of the Na||GFS||NVP
cell (60 mAh g−1). It should be noted that the potential hysteresis in the charge−discharge
curves of the Na||SCS||NVP cell is only about 1/2 of that of the Na||GFS||NVP cell at
10 C (Figure S2a,b). This phenomenon suggests that Na-ions are able to pass through SCSs
more easily and are not over−enriched on the surface of SCSs even at high current densi-
ties [40,41]. The rate performance test reveals that the Na||SCS||NVP cell consistently
outperforms the Na||GFS||NVP cell in terms of discharge capacity at 0.5−10 C, and the
higher the rate, the more pronounced this advantage becomes (Figure 3c). Furthermore, the
Na||SCS||NVP cell also exhibits better cycling performance than the Na||GFS||NVP
cell at 10 C (Figure 3d). The discharge capacity of the Na||SCS||NVP cell remains
74.2 mAh g−1 after 1000 cycles, corresponding to a capacity retention rate of 93.6%. In
contrast, the discharge capacity and capacity retention rate of the Na||GFS||NVP cell are
only 24.2 and 42.1%, respectively. Moreover, the discharge medium voltage of the full cell
using the SCS gradually increases with cycling until it stabilizes near 3.2 V, while that of
the full cell using the GFS keeps decreasing (Figure S2c).
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Figure 3. Comparison of electrochemical performances of Na||NVP full cells assembled with
SCSs and GFSs. Galvanostatic charging−discharging profile curves of the Na||SCS||NVP (a) and
Na||GFS||NVP full cells (b) from 0.1 C to 10 C. Rate capabilities (c) and long-term cycling perfor-
mances (d) of the Na||SCS||NVP and Na||GFS||NVP full cells.

In order to understand the chemical stability of SCSs during electrochemical reactions,
cyclic voltammetry (CV) tests of both the Na||SCS||NVP and Na||GFS||NVP full
cells were executed. Compared with the Na||GFS||NVP cell, the Na||SCS||NVP
cell also exhibits only a pair of V3+/V4+ redox peaks attributed to NVP cathode materials
(Figure S3a), which implies that the SCS is in a chemically stable state during electrochemical
processes. Electrochemical impedance spectroscopy (EIS) is an efficient testing technique
to analyze the internal resistance distribution of a battery. The Na||SCS||NVP and the
Na||GFS||NVP share the same EIS graphic characteristics (Figure S3b), i.e., both consist
of a semicircle in the high-frequency region and a diagonal line in the low−frequency
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region. The semicircle is mainly associated with the Rct [42]. The Na||SCS||NVP cell
displays a smaller semicircle diameter than the Na||GFS||NVP cell, indicating that the
former has smaller values of Rct than the latter, which implies superior transport kinetics
of Na-ions in the former [43]. In addition to this, the diffusion coefficient of Na-ions can be
quantitatively calculated using the following equation:

DNa+ =
R2T2

2A2n4F4C2σ2

Since the parameters R (gas constant, 8.314 J mol−1 K−1), T (room temperature,
298.15 K), A (area of the electrode, 1.13 cm2), n (the number of electrons involved in
electrochemical reactions, 2), F (Faraday constant, 96485.4 C mol−1) and C (the concentra-
tion of Na-ions in the unit cell volume, 6.92 × 10−23 mol cm−3) in the above equations are
the same for both the GFS and SCS cells, the Na-ion transport efficiency of these two cells
should be inversely related to the σ value. By fitting −Z’−ω−1/2 plots to the straight lines
in the low-frequency region of the EIS curves (Figure S3c), it is found that the σ−values for
cells using SCSs and GFSs are 684.2 and 740.1 Ω s−0.5 (see Table S4 for details), respectively,
which implies a higher DNa+ in the cell using SCSs.

2.2. Mechanical Properties and Functional Group Characterization

The mechanical properties of the separator are not only related to the safety of the
battery, but also to whether it can match the winding process for industrial production
of the battery. As shown in Figure 4b, the maximum tensile strength of the GFS is only
0.16 MPa which is much lower than the minimum tensile strength value (6.9 MPa) in the
winding process, and therefore, the GFS cannot be applied to commercialized column
batteries [44]. By comparison, the SCS exhibits a much higher tensile strength (17.72 MPa,
Figure 4a) and Young’s modulus (64.12 MPa, Figure 4c). In terms of mechanical properties,
the SCS has met the basic requirements for commercialized separators.

Molecules 2024, 29, x FOR PEER REVIEW 6 of 13 
 

 

cells were executed. Compared with the Na||GFS||NVP cell, the Na||SCS||NVP cell 
also exhibits only a pair of V3+/V4+ redox peaks attributed to NVP cathode materials (Figure 
S3a), which implies that the SCS is in a chemically stable state during electrochemical pro-
cesses. Electrochemical impedance spectroscopy (EIS) is an efficient testing technique to 
analyze the internal resistance distribution of a battery. The Na||SCS||NVP and the 
Na||GFS||NVP share the same EIS graphic characteristics (Figure S3b), i.e., both consist 
of a semicircle in the high-frequency region and a diagonal line in the low−frequency re-
gion. The semicircle is mainly associated with the Rct [42]. The Na||SCS||NVP cell dis-
plays a smaller semicircle diameter than the Na||GFS||NVP cell, indicating that the for-
mer has smaller values of Rct than the latter, which implies superior transport kinetics of 
Na-ions in the former [43]. In addition to this, the diffusion coefficient of Na-ions can be 
quantitatively calculated using the following equation: 𝐷ேା ൌ 𝑅ଶ𝑇ଶ2𝐴ଶ𝑛ସ𝐹ସ𝐶ଶ𝜎ଶ 

Since the parameters R (gas constant, 8.314 J mol−1 K−1), T (room temperature, 298.15 
K), A (area of the electrode, 1.13 cm2), n (the number of electrons involved in electrochem-
ical reactions, 2), F (Faraday constant, 96485.4 C mol−1) and C (the concentration of Na-
ions in the unit cell volume, 6.92 × 10−23 mol cm−3) in the above equations are the same for 
both the GFS and SCS cells, the Na-ion transport efficiency of these two cells should be 
inversely related to the σ value. By fitting −Z’−ω−1/2 plots to the straight lines in the low-
frequency region of the EIS curves (Figure S3c), it is found that the σ−values for cells using 
SCSs and GFSs are 684.2 and 740.1 Ω s−0.5 (see Table S4 for details), respectively, which 
implies a higher DNa+ in the cell using SCSs. 

2.2. Mechanical Properties and Functional Group Characterization 
The mechanical properties of the separator are not only related to the safety of the 

battery, but also to whether it can match the winding process for industrial production of 
the battery. As shown in Figure 4b, the maximum tensile strength of the GFS is only 0.16 
MPa which is much lower than the minimum tensile strength value (6.9 MPa) in the wind-
ing process, and therefore, the GFS cannot be applied to commercialized column batteries 
[44]. By comparison, the SCS exhibits a much higher tensile strength (17.72 MPa, Figure 
4a) and Young’s modulus (64.12 MPa, Figure 4c). In terms of mechanical properties, the 
SCS has met the basic requirements for commercialized separators. 

 
Figure 4. Characterization of mechanical properties and functional groups of the SCS and GFS. 
Stress–strain curves of the GFS (a) and the SCS (b). (c) Tensile mechanical properties (Young’s mod-
ulus, strength). (d) Comparison of the appearance and thickness of the SCS and the GFS. (e) Raman 
and (f) FT-IR spectra of the SCS and the GFS before and after electrochemical reaction. 

Figure 4. Characterization of mechanical properties and functional groups of the SCS and GFS. Stress–
strain curves of the GFS (a) and the SCS (b). (c) Tensile mechanical properties (Young’s modulus,
strength). (d) Comparison of the appearance and thickness of the SCS and the GFS. (e) Raman and
(f) FT-IR spectra of the SCS and the GFS before and after electrochemical reaction.

The appearance characteristics of the GFS and SCS are shown in Figure 4d, and
the flatness of the SCS is slightly worse than that of the GFS, which is due to the slight
shrinkage of the sample during the drying process of the SCS. The thicknesses of the SCS
and GFS are 0.23 ± 0.01 mm and 1.15 ± 0.02 mm, respectively, and the SCS is clearly more
advantageous in the demand for a thinner and lighter separator. Raman and FT−IR
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spectroscopy were performed on the SCS before and after charging and discharging,
respectively. As shown in Figure 4e, a characteristic peak is present at around 3200 cm−1 for
both SCS samples, which could be attributed to the amino group upon careful comparison
with the literature [45]. In addition, the SCS sample after electrochemical testing also
exhibits a characteristic peak belonging to ClO4

− at 932 cm−1 that is not found in any other
samples [46], suggesting that the SCS sample may anchor the ClO4

− anion in the electrolyte
during the electrochemical reaction. Two sets of characteristic peaks belonging to ClO4

−

at 628.8 and 1125–1072 cm−1 are also observed in the FT-IR spectrum of the SCS after the
electrochemical test, reconfirming the inference of a possible interaction between silkworm
and ClO4

− (Figure 4f) [47,48].
It is noteworthy that the XPS spectra also reveal not only the ability of the SCS sample

to interact with ClO4
− but also the presence of amino groups in the silkworm. As shown in

Figure 5a, the SCS and GFS exhibit completely different O1s spectra. Specifically, the O1s
spectra of the GFS samples before and after the electrochemical reaction did not change
significantly, and only one characteristic peak of bridging oxygen was found at 531.5 eV [49].
Meanwhile, the SCS sample has the characteristic peak representing O=C−NH2 at 530.6
eV [50], and the characteristic peaks representing the Cl−O (532.1 eV) bond and Na−auger
(536.5 eV) are added to the electrochemically reacted SCS sample [51,52]. Combined with
the Cl 2p spectrum (Figure 5c), the presence of a ClO4

− group in the electrochemically
reacted SCS sample can be determined [53]. For the C 1s spectra (Figure 5b), three charac-
teristic peaks are observed for the SCS whether it undergoes electrochemical reaction or
not, which correspond to a C−C bond at 283.9 eV, a C−COO bond at 285.4 eV and a C−N
bond at 287.4 eV [54–56]. In addition, although all samples responded to N 1s spectral
detection, the low signal-to-noise ratio of the N 1s spectra of the two GFS samples implies
that these samples contain less elemental nitrogen. The high signal-to-noise ratio and good
symmetry of the characteristic peaks of the N 1s spectra of the SCS samples indicate that
these samples have a high content of nitrogen. The high similarity in the shape and position
of the N 1s peaks suggests that the electrochemical reaction does not significantly change
the valence state of elemental N.
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3. Discussion

The low nucleation over-potential of 0.065 V (Figure S1) and the stable cycling of 427 h
under test conditions of 0.5 mA cm−2–0.5 mAh cm−2 (Figure 2b) demonstrate that the Na-
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ion deposition/dissolution in SCS-assembled cells is not only easier but also has excellent
reversibility [57]. In addition to this, the small charge transfer resistance (Figure S3b) implies
excellent transport kinetics of Na-ions in the cell using the SCS [58]. Under the synergistic
effect of excellent Na-ion transport and deposition/dissolution kinetics, the batteries using
SCSs exhibit superior high-rate cycling performance. Therefore, the Na||SCS||NVP full
battery displays an initial capacity of 79.3 mAh g−1 at 10 C and a capacity retention of
93.6% after 1000 cycles (Figure 3d), which far exceeds the 57.5 mAh g−1 and 42.1% of the
Na||GFS||NVP full battery. There is a significant effect of separator thickness on the
electrochemical performance and that the thickness of the SCS in this work is much lower
than that of the GFS (Figure 4d). In order to clarify the specific effect of separator thickness
on electrochemical performance, the commercial GFA separator (only 0.34 ± 0.01 mm in
thickness), which is thinner than the GFS, was used for a comparison experiment. As
shown in Figure S4, the Na||GFA||NVP cell experiences a rapid capacity decline in the
multifold test, with the capacity decaying from 115 mAh g−1 at 0.1 C to 44 mAh g−1 at 5 C
until the cell fails at 10 C. The results of this test show that the thinner the separator, the
harder it is to obtain excellent electrochemical performance.

Characteristic peaks belonging to ClO4
− are observed in the Raman (Figure 4e), FT-IR

(Figure 4f) and XPS patterns (Figure 5a,c) of the SCS samples after electrochemical testing,
which are not observed in the pristine SCS or the GFS before and after electrochemical
testing, suggesting that ClO4

− could be firmly attached to the SCS fibers. Combined with
the previous literature, it can be reasonable to assume that this phenomenon is most likely
caused by cationic functional groups (such as amino groups) on the protein molecule [59,60].
From the conclusions of previous studies, it is known that Na-ions undergo solvation
reactions with anions and solvents during transport in the electrolyte [61,62]. The solvated Na-
ions increase in both mass and volume, which undoubtedly reduces the transport kinetics
of the Na-ions [63]. As shown in Figure 6, when solvated Na-ions pass through the SCS,
the amino functional groups on silkworm proteins disrupt the solvent sheath by anchoring
ClO4

−, thereby releasing free Na−ions. As a result, the transference number (TNa+ = 0.81),
transport kinetics and deposition/solvent properties of Na-ions are improved. On this
basis, the advantages in mechanical strength and thinness make SCSs more promising than
GFSs for commercialized sodium batteries.
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4. Materials and Methods
4.1. Fabricating SCS

The SCS fabrication process is shown in Figure 7. First, 0.04 mol Na2CO3 (99.8%,
Shanghai Macklin Biochemical Technology Co., Ltd., Shanghai, China) was dissolved in
2 L deionized water to prepare the washing solution and heated to boiling. The mulberry
silkworm cocoons (Beijing Tong Ren Tang group Co., Ltd., Beijing, China) were then poured
into the boiling liquid and treated for 20 min to remove the sericin. Next, the cocoons were
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fished out, washed three times with deionized water and exfoliated of their inner layers.
Subsequently, the inner layer of the cocoon was flattened, sandwiched between two glass
plates to fix the shape, and transferred to a vacuum oven at 80 ◦C until dry. The dried
cocoons’ inner layer was cut into 16 mm discs to be used as separators, which were named
SCS. Thick (Whatman GF/D) and thin (Whatman GF/A) glass fiber separators were used
as comparison samples, named GFS and GFA, respectively.
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4.2. Material Characterization

The microscopic morphology of the SCS, GFS and sodium metal anode was observed
by field-emission scanning electron microscopy (FESEM, Thermo Fisher Scientific FIB-SEM
GX4, Waltham, MA, USA). The XRD data were measured by a Bruker D8 diffractometer
at a sweep speed of 0.3◦ s−1 over a range of 5–80◦ with Cu Kα (λ = 1.5418 Å). FT-IR
absorption spectroscopy (Thermo Scientific Nicolet iS50, Waltham, MA, USA) was used
to test the functional groups of different separators in the range of 600 cm−1~4000 cm−1;
all samples were washed three times in water under sonication for 10 min before testing.
An electronic universal testing machine was employed to test the mechanical properties
of different separators. An X-ray photoelectron spectrometer (ThermoFischer, ESCALAB
250Xi, Waltham, MA, USA) was used in this experiment for XPS tests. In this case, the
vacuum of the analysis chamber was 2 × l0−8 Pa, the excitation source was an Al Kα ray
(hυ = 1486.6 eV) and the operating voltage was 12.5 kV. Raman spectroscopy tests were
performed on a ThermoFischer Dxr3xi Raman microscopy (Waltham, MA, USA) instrument
equipped with an Ar+ laser (λ = 532 nm).

4.3. Electrochemical Measurements

All the electrochemical performance tests were performed based on CR2025-type coin
batteries, and the battery assembly was completed in an argon-filled glovebox
(H2O < 0.1 ppm, O2 < 0.1 ppm, Mikrouna, Shanghai, China). For the preparation of the
NVP cathode, NVP (Guangdong Canrd New Energy Technology Co., Ltd., Dongguan,
China), polyvinylidene fluoride (PVDF) and acetylene black with a mass ratio of 8:1:1 were
dispersed in N-methyl-2-pyrrolidine (NMP) to form a uniform slurry and then coated on
aluminum foils. After they were dried in a vacuum oven at 110 ◦C for 10 h, these aluminum
foils were cut into discs with a diameter of 14 mm to be the NVP cathode. An amount of
50 µL of electrolytes (1 M NaClO4 dissolved in EC:DEC=1:1 (v/v) with 5% FEC) was used
for each battery. All batteries used Na foil (~100 µm) as the anode, and the difference was
that the working electrodes were NVP, Cu foil or Na foil, with the GFS or SCS as the separa-
tor. The galvanostatic charging–discharging, over-potential and cycling performance of the
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batteries were measured on a Land BT 2000 battery test systems at 25 ◦C. The potentiostatic
modal EIS (frequency range from 10−2 to 105 Hz with an amplitude value of 10 mV), CV
(voltage range from 2.3 to 3.9 V with a scanning rate of 0.1 mV s−1) and CA (open-circuit
voltage used as initial voltage, executed for 1000 s at 10 mV bias) curves were tested on a
CHI660e electrochemical workstation.

5. Conclusions

In summary, we developed a novel natural SCS for sodium metal batteries. Systematic
structural characterization reveals that the cationic functional groups (such as amino
groups) enriched in the SCS samples can anchor the ClO4

− solvent sheath around the Na-
ions, realizing a high Na+ transference number (TNa+ = 0.81) and substantially enhancing
the transport kinetics. Benefiting from this, the Na||SCS||Na symmetric cell can be stably
cycled for over 400 h at 0.5 mA cm−2–0.5 mAh cm−2. Moreover, the Na||SCS||NVP full
battery displays a reversible discharge specific capacity of 79.3 mAh g−1 at 10 C and a
remaining capacity of up to 74.2 mAh g−1 after 1000 cycles. In addition, the mechanical
properties and thickness of the SCS are also completely superior to those of the GFS, which
means that the SCS has more potential for commercial application than the GFS.
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https://www.mdpi.com/article/10.3390/molecules29204813/s1: Figure S1: Voltage-capacity curves
of Cu||SCS||Na and Cu||GFS||Na asymmetric cell at a current density of 0.5 mA cm−2; Figure S2:
Charge-discharge voltage profiles for Na||NVP full batteries using GFS (a) and SCS (b) separator.
The discharge medium voltage at different cycles of Na||GFS||NVP and Na||SCS||NVP full
batteries; Figure S3: (a) CV curves at a scan rate of 0.1 mV s−1, (b) EIS curves (inset: equivalent circuit
diagram) and (c) relationship plots of the impedance as a function of the inverse square root of angular
frequency in a low-frequency region of Na||SCS||NVP and Na||GFS||NVP full cells; Figure S4:
Galvanostatic charging-discharging profile curves of Na||GFA||NVP; Table S1: Comparative table
of electrochemical properties of cocoon based separators; Table S2: Summary table of structural
parameters of SCS sample; Table S3: Parameters reported for EIS curves in Figure 2c,d fitted by
equivalent circuits. Table S4: Parameters reported of the EIS curves in Figure S3 after equivalent
circuits and linear fitting.
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Abstract: The increasing demand for sustainable and efficient energy storage materials has led to
significant research into utilizing waste biomass for producing activated carbons. This study investi-
gates the impact of the structural properties of activated carbons derived from various lignocellulosic
biomasses—barley straw, wheat straw, and wheat bran—on the electrochemical performance of
supercapacitors. The Fourier Transform Infrared (FTIR) spectroscopy analysis reveals the presence
of key functional groups and their transformations during carbonization and activation processes.
The Raman spectra provide detailed insights into the structural features and defects in the carbon
materials. The electrochemical tests indicate that the activated carbon’s specific capacitance and
energy density are influenced by the biomass source. It is shown that the wheat-bran-based electrodes
exhibit the highest performance. This research demonstrates the potential of waste-biomass-derived
activated carbons as high-performance materials for energy storage applications, contributing to
sustainable and efficient supercapacitor development.

Keywords: biomass composition; wheat bran; wheat straw; barley straw; activated carbon;
FTIR spectra; supercapacitor

1. Introduction

The increasing demand for sustainable and efficient materials has driven significant
research into the utilization of waste biomass as a renewable source for producing activated
carbons for high-power energy storage systems such as supercapacitors and Li-ion capac-
itors [1,2]. Waste biomass, a byproduct of various agricultural and industrial processes,
offers an abundant and low-cost precursor for activated carbon production. This approach
not only addresses waste management challenges but also provides a sustainable pathway
for creating high-value materials with diverse applications [3,4].

Activated carbons are renowned for their high surface area, porosity, and adsorption
capacitance, making them ideal candidates for environmental and energy storage applications,
particularly in the development of electric double-layer capacitors (i.e., supercapacitors) [2,5].
These energy storage devices require materials with high electrical conductivity, electrochemical
stability, and a large surface area to achieve high energy and power density [6,7]. The activated
carbons derived from waste biomass possess these characteristics, making them promising
materials for supercapacitor electrodes.

The composition of lignocellulosic biomass significantly influences the development of
pores in activated carbon [8]. Cellulose primarily contributes to the formation of micropores,
while lignin helps maintain structural integrity as well as contributes to specific surface
area development [9]. The activation process, whether physical or chemical, further refines
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the pore structure, enhancing the overall adsorption capacitance and effectiveness of the
activated carbon.

Traditional wet chemical methods using two-step sulfuric acid hydrolysis for biomass
composition analysis are time-consuming and labor-intensive and do not provide structural
information, limiting their suitability for industrial applications or large-scale energy
storage systems. In contrast, infrared techniques offer rapid, cost-effective analysis that is
non-destructive and have shown promising results [10].

FTIR spectroscopy, a robust analytical technique, provides detailed information on
the chemical structure and functional groups present in materials [11,12]. It has been
successfully utilized to analyze the composition of lignocellulosic biomass. By analyzing
the FTIR spectra of waste biomasses as well as carbonized and activated carbons, we
can identify the key functional groups and compositional changes that occur during the
activation process. This spectral analysis is essential for understanding how the initial
composition of the biomass influences the properties of activated carbons and, ultimately,
their performance as supercapacitor electrodes.

In this research, we systematically investigated the FTIR spectra of various waste
biomasses and their corresponding carbonized and activated carbons. We aimed to correlate
the spectral data with the electrochemical properties of the activated carbons to provide a
comprehensive understanding of the relationship between the initial biomass composition,
the activation-induced changes, and the electrode performance.

In this work, we investigated the structural and electrochemical characteristics of
activated carbons synthesized from barley straw (BS), wheat straw (WhS), and wheat bran
(WhB). The resulting activated carbons had a specific surface area of 1866 to 2036 m2/g.

The study of electrochemical characteristics revealed that the activated carbon synthesized
from wheat bran had the highest specific capacitance, reaching 143 F/g at 0.1 A/g.

At the same time, all samples demonstrated high cyclability, which was expressed by
a retention of approximately 94% of the initial capacitance after 6000 cycles at a current
density of 1 A/g.

This study not only enhances the fundamental knowledge of biomass-derived acti-
vated carbons but also offers practical insights for developing high-performance superca-
pacitor electrodes from sustainable resources.

2. Results and Discussion
2.1. Characterization

The Fourier Transform Infrared (FTIR) spectroscopy analysis of the biomass samples
revealed characteristic peaks, indicating the presence of various functional groups (Figure 1).
The b broad peak at 3330 cm−1 indicates O-H stretching vibration (Figure 1a). This peak
is characteristic of hydroxyl groups, which are prevalent in the cellulose, hemicellulose,
and lignin components of biomass [13]. The presence of this peak suggests a significant
amount of hydrogen bonding, which is typical in polysaccharides and water molecules
within biomass.

The absorption bands observed in the range of 3000–2780 cm−1 correspond to the
C-H stretching vibrations of aliphatic hydrocarbons. These bands indicate the presence
of methylene (CH2) and methyl (CH3) groups, which are common in lignocellulosic
materials [14]. The distinct peak at 1727 cm−1 is associated with the C=O stretching
vibration of carbonyl groups [15]. This peak is typically attributed to esters, aldehydes, and
ketones, suggesting the presence of hemicellulose and lignin derivatives in biomass.

The peak at 1640 cm−1 is attributed to H-O-H deformation vibration. This peak
is often associated with absorbed water and indicates the presence of moisture in the
biomass sample [15]. The peaks in the range of 1500–1280 cm−1 are assigned to the bending
vibrations of CH3 groups. These peaks suggest the presence of methyl groups, which are
part of the lignin and hemicellulose structures in biomass.
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Figure 1. FTIR spectra and composition of functional groups of (a) original biomass; (b) carbonized 
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charide nature of the biomass [9]. 
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ated with absorbed water, completely disappeared due to the volatilization of these sub-
stances. Additionally, the intensity of the remaining peaks significantly decreased, indi-
cating the decomposition of the hemicellulose and its associated functional groups, as well 
as the partial decomposition of the cellulose and lignin. 

Notably, a C=C peak representing aromatic rings emerged after carbonization (Fig-
ure 1b) at 1540 cm−1, likely formed due to the loss of functional groups. It was interesting 
to observe that the intensity of this peak was higher for barley and wheat straw, which 
initially exhibited more intense functional groups that volatilized during heat treatment 
(1600–3500 cm−1) compared to wheat bran. This suggests that the more functional groups 
are lost, the more aromatic rings are formed. Consequently, the remaining functional 
groups play a crucial role in influencing the structure and properties of activated carbon 
during further activation of the carbonized mass. The yield of the carbonaceous products 
after the carbonization process for all the biomass samples was 29–30%. 

Of particular interest was the peak at 1500–1280 cm−1, corresponding to the CH₃ 
group, the intensity of which did not significantly decrease after both carbonization and 
activation (Figure 1). Methyl groups are exceptionally stable, comprising a central carbon 
atom connected to three hydrogen atoms, and generally remain unreactive even when 
exposed to strong acids or bases [16]. The intensity of this group remained higher for bar-
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exhibited the smallest total pore volume in the activated state (Table 1). It appeared that 
these stable groups blocked the pores during the activation process, as they did not evap-
orate or decompose at high temperatures or in the presence of KOH. 

Figure 1. FTIR spectra and composition of functional groups of (a) original biomass; (b) carbonized
biomass; (c) activated biomass.

The peak at 1030 cm−1 indicates C-O stretching vibration. This peak is commonly
associated with the C-O-C linkages in cellulose and hemicellulose, confirming the polysac-
charide nature of the biomass [9].

As illustrated in Figure 1a, there were no qualitative differences among the various
lignocellulosic biomasses; the distinctions were solely in the quantitative ratios of their
components. Following carbonization (heat treatment up to 550 ◦C), the functional groups
in the range of 1600–3500 cm−1 and the H-O-H deformation vibration at 1640 cm−1,
associated with absorbed water, completely disappeared due to the volatilization of these
substances. Additionally, the intensity of the remaining peaks significantly decreased,
indicating the decomposition of the hemicellulose and its associated functional groups, as
well as the partial decomposition of the cellulose and lignin.

Notably, a C=C peak representing aromatic rings emerged after carbonization
(Figure 1b) at 1540 cm−1, likely formed due to the loss of functional groups. It was
interesting to observe that the intensity of this peak was higher for barley and wheat
straw, which initially exhibited more intense functional groups that volatilized during heat
treatment (1600–3500 cm−1) compared to wheat bran. This suggests that the more func-
tional groups are lost, the more aromatic rings are formed. Consequently, the remaining
functional groups play a crucial role in influencing the structure and properties of activated
carbon during further activation of the carbonized mass. The yield of the carbonaceous
products after the carbonization process for all the biomass samples was 29–30%.

Of particular interest was the peak at 1500–1280 cm−1, corresponding to the CH3
group, the intensity of which did not significantly decrease after both carbonization and
activation (Figure 1). Methyl groups are exceptionally stable, comprising a central carbon
atom connected to three hydrogen atoms, and generally remain unreactive even when
exposed to strong acids or bases [16]. The intensity of this group remained higher for
barley and wheat straw after carbonization and activation, suggesting that these biomasses
exhibited the smallest total pore volume in the activated state (Table 1). It appeared
that these stable groups blocked the pores during the activation process, as they did not
evaporate or decompose at high temperatures or in the presence of KOH.

Table 1. Specific surface area and total pore volume of the activated carbons.

Activated Carbon SSA (BET Method), m2/g Total Pore Volume, cm3/g

WhB 1866.24 1.42

BS 1970 1.39

WhS 2036 1.23
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The FTIR spectra of the activated carbons (Figure 1c) show significantly fewer bands,
indicating that most functional groups decomposed during carbonization and activation.
This decomposition process is crucial for understanding the structural transformations and
the resultant properties of the activated carbons. The yield of the activated carbons after
the activation process was 44.7% for wheat bran, 41.75% for barley straw, and 49.5% for
wheat straw.

The nitrogen adsorption/desorption isotherm of the samples exhibited a Type Ib
isotherm with an H4 hysteresis loop (Figure 2a), indicating the presence of wider micropores
and narrow mesopores with high surface area and slit shape [17,18]. The BET surface area
and the total pore volume for activated carbons are represented in Table 1.
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PSDs for the activated biomasses.

The differential pore size distribution showed a peak at 2–2.4 nm, confirming the domi-
nance of mesopores in this range (Figure 2b). The cumulative pore size distribution demon-
strated a steady increase in pore volume with increasing pore diameter, with a significant rise
between 1.7 nm and 3 nm, aligning with the micro- and mesoporous nature of the material
(Figure 2c). The cumulative pore volume reached a plateau at around 5 nm, signifying that
most of the pore volume was due to mesopores. The consistent pore size distribution across
all samples indicated that the activation process effectively generated micropores in the 2.2 nm
range, which is beneficial for various adsorption and filtration applications.

Comparing the specific surface area of the activated carbons (Table 1) and the intensity
of the peaks at 1030 cm−1 corresponding to C-O stretching vibrations (Figure 1b), it was
evident that a higher presence of this functional group correlated with a greater specific
surface area. This is consistent with findings by Catalina et al. [9], who demonstrated that
cellulose possesses the largest specific surface area.

The wheat bran activated carbon exhibited a layered structure with both micro- and
macropores (Figure 3a). The SEM images showed a mix of sheet-like formations and
irregularly shaped particles. The particle size varied in a range of few hundred micrometers.
The SEM images of wheat straw (Figure 3b) activated carbon revealed a heterogeneous
porosity with a mix of micropores and macropores. The surface texture was rough, and
remnants of the straw’s cellular structure were evident. The activated carbon derived from
barley straw (Figure 3c) displayed a porous network with visible vascular bundles. The
surface was rough with notable cracks and fissures, indicative of the breakdown of the
straw’s cellular structure. The particles were predominantly elongated and ranged in size
in a range of a few hundred micrometers.

The Raman spectra of the RH, BS, WhS, and WhB samples, recorded in the spectral
range of 1000–2000 cm−1, are presented in Figure 4. The spectra were deconvoluted using
Lorentzian functions to accurately isolate the first-order modes: the D*, D, D′′, G, and D′

bands. This deconvolution method allowed for a more precise analysis of the structural
features and defects in the carbon materials, addressing the limitations of the traditional
I(D)/I(G) ratio, which can be skewed by band overlap.
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Figure 4. Raman spectra of activated wheat bran (a), barley straw (b), and wheat straw (c).

The G band, observed at 1583 cm−1, corresponds to the E2g optical phonon mode,
characteristic of sp2-hybridized carbon atoms in graphite-like materials [19]. This band is a
key indicator of the degree of crystallinity of and structural changes in carbon materials.
The D band, located between 1330 and 1350 cm−1, is attributed to defects and disorders in
the carbon lattice, as well as double-resonance processes near the K point of the Brillouin
zone [19]. The D′′ band, appearing in the 1500–1550 cm−1 range, is associated with the
amorphous phase, with its intensity inversely proportional to crystallinity [20]. The D′ band
at 1620 cm−1 corresponds to the disorder-induced phonon mode associated with crystal
defects. The D* band, found between 1050 and 1200 cm−1, depends on the remaining
oxygen-containing groups [21].

The degree of graphitization for each sample was calculated using the ratio of the area
under the G peak (A(G)) to the total area of all peaks (Atotal), as defined by the following
equation [22]:

G f =
A(G)

Atotal
(1)

The WhB sample exhibited the highest degree of graphitization at 12.3%, indicating
superior crystallinity and fewer defects relative to the other samples. The WhS sample
displayed a graphitization degree of 10.0% but with lower-intensity the D and G bands,
suggesting a different structural organization. The BS sample showed the lowest graphiti-
zation degree of 6.8%, correlating with the low intensity of the D and G bands, indicative
of a more amorphous structure.

2.2. Electrochemical Test

The electrochemical performance of activated-carbon-based supercapacitor electrodes
can vary significantly depending on the biomass source used for their derivation. This
variation is primarily due to the differences in the pore structure and specific surface area
that arise during the carbonization and activation processes.
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These factors influence the double-layer capacitance of the electrodes during constant
current charge/discharge cycles. Figure 5a illustrates the galvanostatic charge/discharge curves
at a current density of 1 A/g for the electrodes derived from different biomass sources.
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The curves exhibit a typical behavior of electrical double-layer capacitor electrodes.
No significant redox processes on the surface of the carbon electrodes in the given voltage
ranges were observed.

Figure 5b presents the specific capacitances of the electrodes based on barley (BS),
wheat straw (WhS), and wheat bran (WhB) as a function of charge/discharge current
density. Among the tested materials, the electrodes based on wheat bran exhibited the
highest specific capacitance, reaching up to 143 F/g at 0.1 A/g. This was followed by the
electrodes based on barley and wheat straw, with specific capacitances of 122 F/g and
112 F/g, respectively.

As the charge/discharge current density increased to 10 A/g, the specific capacitance of
the wheat-bran-based electrodes decreased to 103.2 F/g, maintaining 72.1% of its maximum
value. In comparison, the wheat-straw-based electrodes showed a capacitance retention of
70%, while the performance of the barley-straw-based sample dropped to 65.3%.

Table 1 shows that the activated carbon from the wheat straw possessed the largest
specific surface area, followed by barley and wheat bran. However, this order did not
correlate with the specific capacitances, where the electrodes based on wheat bran exhibited
the highest specific capacitance, followed by those based on barley and wheat straw. This
discrepancy was likely due to the significant proportion of microscopic pores in these
activated carbons, rendering the BET calculation method inaccurate.

Moreover, the higher graphitization degree of the active material (Figure 4) correlated
with a greater retention of the specific capacitance as the charge/discharge current density
increased. A high ratio of the intensities of the D and G peaks indicates a higher degree of
crystalline structure destruction, leading to deteriorated charge conductivity.

Figure 5c gives information regarding the electrode cycling stability during tests
conducted by charging/discharging in the potential range of 0.4–1.5 V at a constant current
density of 1 A/g. The specific capacitances of all samples decreased slightly at the beginning
of the test since initial current density was 0.1 A/g, and then maintained approximately
94% of the initial dataover 6000 cycles of charging and discharging at 1 A/g. At the same
time, the Coulombic efficiency of all samples was more than 99%, which indicated an
excellent charge and discharge reversibility.

Figure 6 demonstrates the impedance spectra of the symmetrical coin cells that con-
tained different activated carbons as the active material. All spectra contained semicircles
in the high-frequency region, associated with charge transfer resistance (RCT), and the War-
burg line in the intermediate-frequency region with a slope of about 45◦, which is attributed
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to the diffusion capability of electrolyte ions. Among all the samples, the wheat-bran-based
electrodes demonstrated the lowest RCT, reaching about 2.7 Ohm, while the RCT for the
BS- and WhS-based electrodes was 4.2 and 9.1 Ohm, respectively. Despite the difference in
the Warburg impedance, the WhB-based electrodes showed the highest energy density of
33 Wh/kg at 122.6 W/kg, while that of the barley-straw-based sample was 29.66 Wh/kg
at the same power density. The lowest energy density of 16.2 Wh/kg at 98 W/kg was
demonstrated by the WhS sample. At the highest power density of 8 kW/h, the WhB
sample showed an energy density of 10.1 Wh/kg, followed by the BS (6.54 Wh/kg) and
WhS (5.7 Wh/kg) samples at a power density of 7.3 kW/h. For the power and energy
density calculations, the mass of the active material was used.
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Figure 6. Nyquist plots of symmetrical coin cells with the electrodes based on activated carbons
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to zero for clarity.

These results underscore the importance of selecting appropriate biomass sources to
produce activated carbon to optimize the electrochemical performance of supercapacitor
electrodes. The differences in specific surface area, pore volume, and crystalline structure
directly affect the charge storage capabilities and retention properties of the electrodes
under varying current conditions. Additionally, by comparing FTIR spectra, specific
surface areas, pore distributions, and electrochemical characteristics, the impact of biomass
composition on the structural and electrochemical properties of activated carbon can be
adequately elucidated.

Finally, two-side coated electrodes with a total areal mass loading of about 7 mg/cm2

were used in the pouch-cell-type supercapacitor prototyping. The wheat-bran-based ac-
tivated carbon was used as the active electrode material. The electrode slurry content,
separator, and electrolyte were the same as for the coin cells studied. The electrode area
was 25 cm2 (4.3 × 5.8 cm). The prototype was stacked by eight electrodes with opposite
current collectors (Figure 7a). The mass of the pouch cell supercapacitor was 4.16 g.
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Figure 7b demonstrates the galvanostatic charge/discharge curves in a voltage range
of 0.5–1.5 V, and the C-rate performance at a different current is shown in Figure 7c. The
discharge capacitance of the prototype was 72 F at a discharge current of 0.5 A. Considering
the total mass of the prototype, its energy density was estimated as 4.8 Wh/kg. The results
support the scalability of the described laboratory electrode technology, which indicates
that the proposed activated carbon is potentially suitable for large-scale production.

3. Materials and Methods
3.1. Materials

The following materials were used: aluminum foil (99.99%, 20 µm thick, Goodfellow);
argon gas (99.99%, Ikhsan Technogas Ltd., Almaty, Kazakhstan); methane (99.9%, Ikhsan
Technogas Ltd., Almaty, Kazakhstan); oxygen (99.5%, Ikhsan Technogas Ltd., Almaty, Kaza-
khstan); barley straw, wheat straw, and wheat bran (from Turkistan region, Kazakhstan);
potassium hydroxide (KOH, purity not <85%, Sigma Aldrich); nitrogen gas (99.6% Ikhsan
Technogas Ltd., Almaty, Kazakhstan); conductive carbon black (Super C45, MTI Corpora-
tion); polyvinylidene fluoride (PVDF, ≥99.5, MTI Corporation); N-methyl-2-pyrrolidinone
(NMP, ≥99.0%, Sigma Aldrich).

3.2. Synthesis of Activated Carbon from Biomass

Activated carbon was obtained from barley straw (BS), wheat straw (WhS), and wheat
bran (WhB) by pyrolysis (carbonization) and subsequent thermochemical activation. Before
pyrolysis, the initial samples were cleaned and ground. The cleaning process included
washing with hot water using household chemicals and rinsing in distilled water, followed
by drying in a drying oven at a temperature of 110 ◦C for 12 h. Drying time may vary
depending on the amount of wet substance and the type of drying oven used. The pyrolysis
process was carried out at a temperature of 550 ◦C for 100 min in a vertical tube furnace
in a nitrogen gas atmosphere at a flow rate of 150 SCCM. Thermochemical activation was
carried out in a stainless-steel reactor (AISI321), where the carbonized mass was mixed
with potassium hydroxide in a ratio of 1:4. Next, the reactor was heated to a temperature
of 850 ◦C at a heating rate of 7 ◦C/min with a supply of gaseous nitrogen (150 SCCM) and
a holding time at a temperature of 850 ◦C for 120 min. The cooling process during both
pyrolysis and chemical activation was carried out in a natural way.

3.3. Cell Fabrication and Electrochemical Measurements

The electrochemical characteristics of the electrodes containing highly porous activated
carbon derived from barley straw, wheat straw, and wheat bran were assessed using a
Neware BTS workstation (https://newarebattery.com/, China).

In order to prepare the electrode slurry, polymer binder PVDF Solef 5130 (TMax, China)
was dissolved in N-methyl pyrrolidone for 2 h at 60 ◦C under stirring. After complete
dissolution of the PVDF, a pre-mixed sample of the active material and the conductive
additive Super C45 (TMax, China) was added and stirred on an overhead mixer for 20 h to
form a homogeneous slurry.

Next, the obtained electrode slurry was stirred on a vacuum mixer for 20 min to
remove gaseous substances. After that, the slurry was applied to aluminum foil using
the Doctor Blade technique (Gelon, China) and dried at 100 ◦C for 12 h until the solvent
completely evaporated.

After complete drying, the electrode tape was calendared at a temperature of 100 ◦C
with a compression ratio of 20%. Furthermore, the electrodes were laser-cut on discs with
an area of 1.77 cm2 for 2032-coin cells.

The electrodes were weighed and vacuum-dried at a temperature of 120 ◦C for five
hours to remove trace amounts of water and transferred to a glove box, where the coin cells
were assembled in an argon atmosphere.

Symmetric supercapacitor coin cells were assembled with an organic electrolyte based
on acetonitrile (1M TEATFB in AN), employing Celgard 2500 (TMax, China) as a separator.
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Each electrode comprised 92 wt% of synthesized activated carbon as the active material,
3 wt% conductive additive, and 5 wt% binder. The total electrode areal mass loading was
approximately 4.7 ± 0.7 mg/cm2. Specific capacitance was determined from galvanostatic
charge/discharge curves in a voltage range of 0.4–1.5 V at a current density of 1–10 A/g.

The electrode capacitance C was calculated based on the galvanostatic charge/discharge
curves of coin cells according to the following equation:

C = 2 × (I × ∆t)/∆V (2)

where I is the charge/discharge current, ∆t is the charge/discharge time, ∆V is the voltage window.
Gravimetric capacitance (F/g) was calculated by dividing the capacitance C by the

mass fraction of the active material in the electrode layer.

3.4. Characterization of Obtained Samples

The carbon structures obtained on a catalytic nickel substrate were characterized using
an NTEGRA Spectra Raman spectrometer (The Netherlands) operating at a wavelength
of λ = 473 nm. Surface morphology was examined via scanning electron microscopy
(SEM) using a JEOL JSM-6490LA instrument (Japan), with magnifications ranging from
×5 to ×300,000 and an accelerating voltage from 0.1 to 30 kV. An elemental analysis of the
carbon structures was performed using energy-dispersive X-ray (EDX) on the same SEM
instrument. The specific surface area of the activated carbon was determined by nitrogen
adsorption–desorption isotherms at 77 K using a gas sorption analyzer BSD-660S (China).

4. Conclusions

In conclusion, this research highlights the viability of using waste biomass to produce
activated carbons with desirable properties for supercapacitor applications. The FTIR
and Raman spectroscopic analyses reveal the structural transformations and functional
group changes during carbonization and activation, which are critical for understanding
the performance of the resultant activated carbons. The electrochemical evaluations show
that the source of the biomass significantly influences the specific capacitance and energy
density of the supercapacitors. Among the tested materials, wheat-bran-derived activated
carbon exhibited the highest specific capacitance and energy density, making it a promising
candidate for high-performance energy storage devices. The specific capacitance of the
electrodes based on wheat-bran-derived activated carbon reached 143 F/g at 0.1 A/g.

At the same time, the activated carbons studied in this work demonstrated high
cycling stability, reaching about 94% of the initial capacitance over 6000 cycles at 1 A/g.

These findings underscore the importance of selecting appropriate biomass sources and
optimizing activation processes to enhance the electrochemical performance of supercapacitors.
This study provides valuable insights into the sustainable production of advanced materials
for energy storage, promoting the development of efficient and eco-friendly supercapacitors.
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Abstract: The advancement of solid-state hydrogen storage materials is critical for the realization of a
sustainable hydrogen economy. This comprehensive review elucidates the state-of-the-art characteri-
zation techniques employed in solid-state hydrogen storage research, emphasizing their principles,
advantages, limitations, and synergistic applications. We critically analyze conventional methods
such as the Sieverts technique, gravimetric analysis, and secondary ion mass spectrometry (SIMS),
alongside composite and structure approaches including Raman spectroscopy, X-ray diffraction
(XRD), X-ray photoelectron spectroscopy (XPS), scanning electron microscopy (SEM), transmission
electron microscopy (TEM), and atomic force microscopy (AFM). This review highlights the crucial
role of in situ and operando characterization in unraveling the complex mechanisms of hydrogen
sorption and desorption. We address the challenges associated with characterizing metal-based
solid-state hydrogen storage materials discussing innovative strategies to overcome these obstacles.
Furthermore, we explore the integration of advanced computational modeling and data-driven
approaches with experimental techniques to enhance our understanding of hydrogen–material in-
teractions at the atomic and molecular levels. This paper also provides a critical assessment of the
practical considerations in characterization, including equipment accessibility, sample preparation
protocols, and cost-effectiveness. By synthesizing recent advancements and identifying key research
directions, this review aims to guide future efforts in the development and optimization of high-
performance solid-state hydrogen storage materials, ultimately contributing to the broader goal of
sustainable energy systems.

Keywords: solid-state hydrogen storage materials; characterization techniques; hydrogen storage
performance; structure and composition

1. Introduction

The quest for clean and sustainable energy solutions has propelled the development of
solid-state hydrogen storage materials to the forefront of scientific research [1–3]. These ma-
terials offer several advantages over traditional compressed or liquefied hydrogen storage
methods, including higher storage capacities, improved safety, and ease of handling [4–6].
However, the complex nature of hydrogen storage mechanisms and the diverse range of
materials being investigated present significant challenges in understanding their behavior
and optimizing their performance [7–9].

Molecules 2024, 29, 5014. https://doi.org/10.3390/molecules29215014 https://www.mdpi.com/journal/molecules120



Molecules 2024, 29, 5014

To advance solid-state hydrogen storage materials from laboratory research to practical
application, a comprehensive understanding of the microstructure, compositional changes,
and dynamic behavior during hydrogenation/dehydrogenation processes is essential, and
this is precisely where characterization techniques play a critical role [10,11]. For instance,
techniques like the Sieverts method and gravimetric analysis are excellent for measuring the
hydrogen storage capacity and kinetic behavior of materials, but when it comes to analyzing
microstructural changes, they need to be complemented by optical and surface analysis
techniques such as X-ray diffraction (XRD), Raman spectroscopy, and X-ray photoelectron
spectroscopy (XPS). Additionally, neutron scattering is advantageous for studying the
distribution and dynamic behavior of hydrogen atoms, while electrochemical methods
are particularly effective in analyzing the electronic structure and surface reactivity of
materials [12–18].

In recent years, with the continuous advancement of materials science, metal-based
hydrogen storage materials have become a research hotspot due to their unique structures
and excellent hydrogen storage performance [19–22]. These novel materials demonstrate
outstanding potential for hydrogen storage, particularly in terms of increasing storage
density and adsorption/desorption rates. However, the structural and performance com-
plexity of these materials presents new challenges for characterization [23–26]. Traditional
characterization techniques have certain limitations in terms of precision, sensitivity, and
applicability, making it difficult to fully reveal the dynamic behavior of these new materials
during the hydrogen storage process [27]. It is important to note that there is typically no
“optimal” technique when selecting and applying characterization methods. Each technique
has its strengths in revealing specific properties of materials, but they are also accompanied
by limitations [28–30]. Thus, different characterization methods often complement and
synergize with one another.

In summary, characterization techniques for solid-state hydrogen storage materials are
key tools for understanding and optimizing their performance. We have conducted a com-
prehensive review of various characterization methods, aiming to provide researchers with
a thorough technical reference that encompasses both traditional and emerging methods.
By comparing the advantages and limitations of different techniques in their applications,
we emphasize their complementarity and synergistic relationships, rather than seeking
the so-called “optimal” testing method. Each characterization technique has its unique
applicable scenarios and focal points, and no single method can fully elucidate all the
mechanisms involved in hydrogen storage within solid-state materials. Therefore, this
review particularly focuses on the unique demands of characterizing these novel materials
and discusses how existing techniques can be improved or new methods developed to
address these challenges. This review not only provides researchers with a comprehensive
technical overview of the field of solid-state hydrogen storage characterization but also
highlights the difficulties in characterizing emerging materials and the trends for future
technological development. Through an in-depth analysis of various characterization
techniques, we hope to provide a theoretical basis and technical support for achieving
efficient and sustainable hydrogen storage solutions, thereby contributing to the continued
development and application of clean energy technologies.

2. Hydrogen Storage Performance Characterization Techniques

Hydrogen storage materials are crucial for advancing hydrogen-based energy systems,
and their performance is highly dependent on their physical and chemical properties [31].
To thoroughly understand these materials, several fundamental characterization techniques
are employed. The Sieverts method, gravimetric analysis, secondary ion mass spectrometry,
neutron scattering, and electrochemical methods represent some of the most essential tools
in this domain. By leveraging these methods, researchers can systematically evaluate and
optimize hydrogen storage materials to meet the demands of practical applications in
energy storage and conversion. Table 1 briefly summarizes the pros and cons of each basic
characterization technique.
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Table 1. The advantages and limitations of essential characterization techniques.

Method Advantages Limitations Refs.

Sieverts method

Simplicity and reliability, measures
hydrogen sorption isotherms,

provides thermodynamic
information

Sensitivity to volume calibration and
leaks, limited information on kinetics,
requires accurate temperature control

[26,30,32–40]

Gravimetric analysis
High sensitivity, real-time

monitoring of hydrogen sorption,
enables kinetic studies

Sensitivity to buoyancy effects,
influence of impurities and adsorbed
species, requires careful calibration

and correction procedures

[39,40]

Thermogravimetric analysis
Differential scanning

calorimetry

Simultaneously measure changes in
mass and heat flow, providing

comprehensive information about
thermal stability, decomposition,

and phase transitions of materials
in a single experiment

Limited sensitivity in detecting small
mass changes and subtle thermal

events, making them less suitable for
analyzing materials with very low
levels of thermal degradation or

phase change

[41–48]

Secondary ion mass
spectrometry

High spatial resolution, sensitive to
low hydrogen concentrations,

provides depth profiling
information

Destructive technique, requires
careful calibration for quantitative

analysis, challenging data
interpretation due to matrix effects

[49–58]

Electrochemical methods

Simulates real-world operating
conditions, provides information on

charge–discharge behavior and
kinetics, enables the study of cycle
stability and long-term performance

Sensitivity to electrode preparation
and cell configuration, requires

careful interpretation of
electrochemical data, may not
provide direct structural and

chemical information

[59–71]

2.1. Sieverts Method

The Sieverts method, also known as the volumetric method, is one of the most widely
used techniques for characterizing hydrogen storage materials [32,33]. The core principle
is based on the ideal gas law and the pressure changes during the gas absorption and
desorption processes. The simplified schematic of the device is shown in Figure 1 [34].
When high-pressure gas comes into contact with a metal sample, the gas dissolves into the
metal. According to Henry’s law, the solubility of the gas in the metal is proportional to
the partial pressure of the gas. By measuring the pressure changes before and after gas
injection with a high-precision pressure sensor system, the amount of gas dissolved in the
metal sample can be calculated.
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The Sieverts method offers several advantages, including simplicity, reliability, and
the ability to measure hydrogen sorption isotherms over a wide range of pressures and
temperatures [35]. It provides essential thermodynamic information, such as the equilib-
rium pressure, enthalpy, and entropy of the hydrogen sorption reactions [36]. To overcome
the limitations of the Sieverts method, researchers have developed advanced apparatus
with improved temperature control, high-precision pressure sensors, and automated data
acquisition systems. The Sieverts method is widely utilized in mainstream hydrogen test-
ing and analysis instruments for analyzing hydrogen storage density in hydrogen storage
materials. This technique provides essential measurements of hydrogen absorption and
desorption capacities, critical for evaluating material performance in hydrogen storage
applications [26,30]. Rigorous calibration procedures and error analysis methods have been
implemented to enhance the accuracy and reliability of the measurements. The Sieverts
method is particularly crucial for evaluating the hydrogen storage capacity and kinetics of
metal hydrides.

Existing volumetric measurement instruments often suffer from low efficiency due
to insufficient calibration techniques, temperature gradients, and limited automation. As
shown in Figure 2a, the curve changes with the temperature of the sample. As the sample
temperature increases, the line moves further from the sample cell, resulting in an increase
in the apparent volume of the sample cell and a decrease in the apparent volume of the tube.
The position of this line can be determined through calibration methods and is defined
as a function of temperature. Zhu et al. [38] proposed a novel volumetric calibration and
thermal gradient resistance method by introducing a continuous function to overcome
temperature gradients across the entire test temperature range. This method was validated
through TPD/TPA tests on MgH2 powder, demonstrating automatic temperature control.
Moreover, the new method enabled the completion of three PCT curves within 1.5 days.
This innovative approach has the potential to make Sieverts instruments more effective,
accurate, and reliable tools for characterizing hydrogen storage materials.
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The PCT curve is primarily used to describe the relationship between the composition
of a chemical system and pressure under isothermal conditions, and it is commonly applied
in the study of gas adsorption and metal hydrides for hydrogen storage. By analyzing
the PCT curve, insights can be gained into the phase behavior of the system, adsorption
or desorption processes, and the hydrogen storage capacity of the material. The van’t
Hoff equation lnK = −∆H/RT + ∆S/R, where K is the equilibrium constant, ∆H is the
standard reaction enthalpy (kJ/mol), ∆S is the standard reaction entropy (J/mol·K), R is
the gas constant (J/mol·K), and T is the temperature (K), reveals the relationship between
the chemical equilibrium constant and temperature, forming the theoretical foundation
for studying the effect of temperature on equilibrium in reaction thermodynamics. Wu
et al. [72] measured the PCT curves of MgH2-7 wt.% Ni/VN and ball-milled MgH2 samples
at different temperatures (Figure 2b). The results show that the plateau pressures for
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MgH2-7 wt.% Ni/VN during desorption at 548, 573, and 598 K were 0.72, 1.49, and 2.90 bar,
respectively, and during absorption, the plateau pressures were 1.10, 2.25, and 4.20 bar,
respectively. For ball-milled MgH2, the desorption plateau pressures at 598, 623, and 648 K
were 2.20, 4.12, and 7.40 bar, respectively, while the absorption pressures were 3.82, 7.00,
and 12.20 bar. Using the van’t Hoff equation to calculate the ∆H for hydrogen absorption
and desorption of MgH2-7 wt.% Ni/VN at different temperatures based on the plateau
pressures, the values were found to be −75.16 ± 0.25 and 75.91 ± 0.02 kJ·mol−1 (Figure 2c),
indicating no significant reduction compared to pure MgH2.

By experimentally determining the changes in the equilibrium constant with tempera-
ture, thermodynamic parameters such as enthalpy and entropy changes can be obtained.
The van’t Hoff equation not only helps in understanding the influence of temperature on the
direction and extent of chemical reactions but also has wide applications in material design,
catalysis, and industrial process optimization. The combination of the PCT curve and the
van’t Hoff equation allows for in-depth study of thermodynamic behavior in multi-phase
systems such as gas–solid and liquid–solid phases, providing reliable thermodynamic
parameters to optimize material performance and understand reaction mechanisms.

2.2. Gravimetric Analysis

Gravimetric analysis is another fundamental technique for characterizing hydrogen
storage materials. It involves measuring the mass change of a sample during hydrogen
absorption or desorption processes [39]. One of the main advantages of gravimetric analysis
is its high sensitivity, allowing for the detection of small mass changes associated with
hydrogen sorption. It provides real-time monitoring of the hydrogen uptake and release,
enabling the study of kinetics and the determination of the rate-limiting steps in the sorption
processes [40]. Gravimetric analysis offers unique advantages in studying hydrogen storage
materials, particularly for understanding sorption kinetics and cycling stability. However,
due to the high cost of high-temperature magnetic levitation balances, this method is rarely
used in the practical analysis of hydrogen storage materials.

Thermogravimetric analysis (TG) is a method used to measure changes in the mass
of a sample as the temperature increases or under isothermal conditions [42,44]. TG is
usually combined with differential scanning calorimetry (DSC), which detects the heat
flow difference between the sample and a reference during heating or cooling, revealing
the endothermic or exothermic behavior of the material and the thermal decomposition
process [45,47]. The advantage of TG-DSC technology lies in its ability to simultaneously
acquire both mass changes and heat flow information, offering a more comprehensive
view of the material’s physical and chemical behavior at various temperatures [41,43,46].
TG-DSC precisely characterizes the decomposition temperature and exothermic or en-
dothermic properties of composite materials, helping to determine thermal stability and
processing parameters. For hydrogen storage materials, by applying the Kissinger equation
(ln(β/Tp

2) = ln(AR/Ea) − Ea/(RTp)), where β is the heating rate (K/min), Tp is the desorp-
tion peak temperature (K), R is the gas constant (J/mol·K), Ea is active energy (kJ/mol),
and A is the frequency factor, to fit the TG-DSC results, the activation energy of hydrogen
desorption can be analyzed, providing insights into the kinetic properties of the material.
Xiao et al. [48] measured the DSC curve of samples and found that after doping MgH2 with
Ce0.6Zr0.4O2, the desorption peak temperature decreased compared to that of ball-milled
MgH2 alone (Figure 3a). Two adjacent endothermic peaks appeared on the DSC curve: the
first lower-temperature desorption peak was attributed to the activation of MgH2 catalyzed
by Ce0.6Zr0.4O2, while the second higher-temperature peak was due to non-activated
MgH2. The Kissinger equation (Figure 3b) was used to calculate the activation energy for
the first low-temperature desorption peak of MgH2-7CeZrO, which was approximately
66.85 kJ/mol, about 45% lower than that of ball-milled MgH2 121.07 kJ/mol. In addition,
the activation energy De-Ea of MgH2-7CeZrO was 116.06 kJ/mol by fitting the second
dehydrogenation peak of MgH2-7CeZrO, indicating that De-Ea was close to De-Ea after
MgH2 grinding, confirming the explanation that the second peak was inactive MgH2.
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Figure 3. (a) The DSC profiles at 2, 5, 8, and 10 ◦C·min−1 of MgH2-7CeZrO and ball-milled MgH2;
(b) the apparent dehydrogenation activation energy of MgH2-7CeZrO and undoped MgH2 by
Kissinger equation.

Although TG-DSC is highly effective in analyzing the hydrogen desorption kinetics
of hydrogen storage materials, it should be noted that this method cannot monitor the
hydrogen absorption process.

2.3. Secondary Ion Mass Spectrometry

Secondary ion mass spectrometry (SIMS) is a powerful surface characterization tech-
nique that provides detailed information about the elemental composition and distribution
of hydrogen in storage materials [49,50]. As illustrated in Figure 4, SIMS involves bom-
barding the sample surface with a high-energy ion beam, producing secondary ions. These
secondary ions are separated and detected by a mass spectrometer based on their mass-
to-charge ratio (m/z), providing information about the composition and structure of the
sample surface (Figure 4a). The primary ions (such as Cs+ or O2+) bombard the sample
surface, causing sputtering of the surface material and generating secondary ions [51]. The
production rate of secondary ions depends on the surface concentration of the sample
and the sputtering yield of the primary ions (Figure 4b). By separating and detecting the
secondary ions with a mass spectrometer, the composition and structure of the sample
surface elements can be determined (Figure 4c).

The different binding energies of hydrogen atoms make the analysis of hydrogen
storage processes in carbon-containing materials extremely complex. To differentiate
between surface atoms and atoms embedded in the sample, Madroñero et al. [52] used
a SIMS spectrometer with periodic ion beam interruption, observing some outgassing
phenomena of surface hydrogen under room temperature and high-vacuum conditions.
SIMS has proven invaluable in studying the spatial distribution of hydrogen and other
elements in complex storage materials. For example, D. Andersen et al. [53] combined SIMS
with dual-beam focused ion beam scanning electron microscopy to obtain high-resolution
imaging of hydrogen and deuterium in Mg2Ni/Mg2NiH4 hydrogen storage films. This
allowed successful characterization of the formation process of hydrides at different depths
in the films, providing valuable insights into the hydrogen storage mechanisms of the
materials. When the grains exhibit an equiaxed structure (Figures 4c and 5a), hydrides
mainly form on the film surface, evidenced by an enhanced 1H signal in the surface
“hydride” local depth profile. In contrast, when the grains exhibit a columnar structure
(Figure 5b,d), the hydrides extend toward the substrate, forming a continuous region. The
local depth profile shows that the fully hydride layer is confined near the substrate and is
surrounded by a sub-hydride layer.
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ment is by primary ions, ranging from atomic ions offering the highest lateral resolution to massive 
gas cluster ion beams that liberate surface species up to several thousand mass units. (b) Mass anal-
ysis of secondary ions is generally by quadrupole magnetic sector, time-of-flight, or Orbitrap instru-
ments. (c) Outputs from the analysis include mass spectra, 2D or 3D images, and depth profiles, 
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storage processes in carbon-containing materials extremely complex. To differentiate be-
tween surface atoms and atoms embedded in the sample, Madroñero et al. [52] used a 
SIMS spectrometer with periodic ion beam interruption, observing some outgassing phe-
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Figure 4. A schematic overview of the secondary ion mass spectrometry experiment [51]. (a) A surface
is bombarded with a primary ion resulting in the sputtering of secondary ions characteristic of surface
chemistry. Secondary ions are detected and measured by mass spectrometry. The bombardment
is by primary ions, ranging from atomic ions offering the highest lateral resolution to massive gas
cluster ion beams that liberate surface species up to several thousand mass units. (b) Mass analysis of
secondary ions is generally by quadrupole magnetic sector, time-of-flight, or Orbitrap instruments.
(c) Outputs from the analysis include mass spectra, 2D or 3D images, and depth profiles, which can
be further processed using machine learning. EM, electromagnetic; MCP, microchannel plate [51].

Although SIMS technology is not extensively employed currently in the analysis
of solid-state hydrogen storage materials, its unique advantages, including high spatial
resolution, sensitivity to hydrogen concentrations as low as parts per million (ppm), and ca-
pability to provide depth profile information, offer significant potential. In the future, SIMS
could play a crucial role in supplementing the characterization of hydrogen storage materi-
als, addressing existing gaps in understanding various aspects of these materials [54,55].
To overcome the limitations of SIMS, advanced instrumentation with improved mass reso-
lution and sensitivity has been developed [56]. The use of multi-modal SIMS, combining
different primary ion beams and detection modes, has enhanced the capabilities of the
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technique [57]. Careful sample preparation and the use of appropriate reference materials
are essential for accurate quantification [58].
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Figure 5. SIMS images from a hydrogenated sample with (a) equiaxed microstructure (Batch A—
Sample 1) showing the summed signal over 3 slices and (b) columnar microstructure (Batch B—Sample
2) showing the summed signal over 14 slices. SIMS localized depth profiles from regions inside and
outside of the surface-visible hydride areas for (c) Sample 1 and (d) Sample 2. Note that for (d), the
“hydride” data have been shifted to correct its depth so that both curves agree on the depth of the
substrate (zero on the x-axis), since the hydrides stick above the surface (discussed below). For (a,c),
15 total slices were captured with an average slice thickness of 33 nm. Beam current of 50 pA and a
dwell time of 4 ms per pixel. Image resolution of 256 × 256 pixels for FOV of 17 × 17 µm. For (b,d),
56 slices total were collected with an average slice thickness of 14.3 nm. Beam current of 100 pA and
a dwell time of 1 ms per pixel. Image resolution of 256 × 256 pixels for FOV of 17 × 17 µm [53].

2.4. Electrochemical Characterization Methods

Electrochemical methods, including cyclic voltammetry, chronopotentiometry, and
electrochemical impedance spectroscopy, are valuable tools for characterizing the elec-
trochemical hydrogen storage properties of materials [59,60]. These techniques provide
insights into the charge–discharge behavior, kinetics, and reversibility of hydrogen sorption
processes in electrochemical systems, such as metal hydride batteries [61–63].

Cyclic voltammetry involves sweeping the potential of the working electrode con-
taining the hydrogen storage material and measuring the resulting current. Chronopoten-
tiometry applies a constant current to the electrode and monitors the potential response
over time [64]. Electrochemical impedance spectroscopy (EIS) measures the impedance of
the electrochemical system over a wide range of frequencies [65]. To overcome the limita-
tions of electrochemical methods, researchers have developed advanced electrochemical
cell designs and measurement protocols. The use of reference electrodes and optimized
electrolyte compositions can improve the accuracy and reliability of the measurements [66].
Combining electrochemical methods with other characterization techniques, such as XRD
and Raman spectroscopy, can provide a more comprehensive understanding of the electro-
chemical hydrogen storage behavior. The operational principle of nickel–metal hydride
(NiMH) batteries fundamentally involves the absorption and desorption of hydrogen
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by metal hydrides. This principle can be similarly exploited through electrochemical
methods to swiftly assess the performance characteristics of solid-state hydrogen storage
materials [67–70]. Edalati et al. [71] discovered that TixZr2-xCrMnFeNi alloys, benefiting
from the Ti/Zr ratio of the C14 Laves structure, exhibit good room-temperature hydro-
genation/dehydrogenation capabilities. Electrochemical tests on their discharge potential,
discharge capacity, and discharge capacity versus cycle number showed that this high-
entropy alloy (HEA) successfully functions as the negative electrode of a nickel–metal
hydride battery, with excellent charge–discharge cycling performance. The optimal Ti/Zr
ratio achieved the highest storage capacity and fastest activation.

3. Structure and Composition Characterization Techniques

As the field of hydrogen storage materials evolves, advanced spectroscopic and micro-
scopic techniques have become indispensable for detailed characterization at the molecular
and atomic levels [73]. Techniques such as Raman spectroscopy, X-ray diffraction, and X-ray
photoelectron spectroscopy offer unparalleled capabilities in probing the structural, elec-
tronic, and chemical properties of hydrogen storage materials. These advanced techniques
enable researchers to achieve a deeper understanding of the interactions and mechanisms
at play within these materials, facilitating the development of more efficient and robust
hydrogen storage solutions. By employing these sophisticated methods, scientists can
gain comprehensive insights that drive innovation and optimization in the design and
application of hydrogen storage materials. Table 2 briefly summarizes the pros and cons of
various spectroscopic and microscopic techniques.

Table 2. The advantages and limitations of advanced spectroscopic and microscopic techniques.

Method Advantages Limitations Refs.

Raman spectroscopy

Non-destructive and non-contact
technique, high spectral resolution,

identifies different hydrogen-bonding
configurations

Sensitivity to sample surface and
orientation, challenging interpretation
for complex materials, may not provide

quantitative hydrogen content
information

[74–85]

Fourier transform infrared
spectroscopy

Rapid, non-destructive detection with
high sensitivity to low-concentration
molecular vibrations; wide range of

organic and inorganic materials; excels in
identifying functional groups and

chemical bonds

It is sensitive to moisture, with water
absorption peaks potentially interfering

with analysis. It only detects
infrared-active functional groups,

making non-polar bond vibrations
difficult to observe.

[37,86–91]

X-ray diffraction
Crystalline Structure Determination,

wide range of materials, Phase
Identification

Limited to Crystalline Materials,
Penetration Depth, Size Limitation [92–105]

Neutron scattering techniques
Non-destructive technique, provides bulk

structural and dynamic information,
sensitive to light elements like hydrogen

Requires access to specialized neutron
sources, complex data interpretation,

challenging sample preparation
[106–112]

X-ray photoelectron
spectroscopy

Surface-sensitive technique, provides
elemental composition and chemical state

information, investigates surface
catalysts and coatings

Limited information on bulk properties,
requires clean and well-defined sample

surface, may not provide direct
hydrogen content information

[113–123]

Scanning electron microscopy

High-resolution surface imaging, large
depth of focus, suitable for

three-dimensional topography
observation, simple sample preparation

Can only observe surface structures;
cannot provide internal structural

information; may require metal coating,
which affects the true morphology

[124–132]
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Table 2. Cont.

Method Advantages Limitations Refs.

Atomic force microscopy

Ultra-high resolution, reaching atomic
level; does not require a vacuum

environment, allowing for observation of
live samples; capable of measuring

mechanical and electrical properties of
materials

Slow scanning speed, suitable for small
area samples; influenced by probe
shape, which may cause artifacts;

requires surface flattening treatment of
the sample

[133–138]

Transmission and scanning
transmission electron

microscopy

Extremely high resolution, capable of
observing atomic-level structures; can

provide internal structural information of
samples; able to perform compositional

and phase analysis

Samples must be very thin; complex
sample preparation, which may

introduce artifacts; requires a vacuum
environment, potentially causing

sample damage

[139–148]

3.1. Composition Characterization Techniques
3.1.1. Raman and Fourier Transform Infrared Spectroscopy

Raman spectroscopy has emerged as a powerful technique for investigating the local
structure, bonding, and vibrational properties of hydrogen in storage materials [74,75].
When monochromatic light (usually a laser) illuminates a sample, photons interact with
molecules, producing scattered light. A portion of this scattered light undergoes a fre-
quency shift (Raman scattering), which provides information on molecular vibrations and
rotations. When the laser illuminates the sample, most photons undergo Rayleigh scatter-
ing (elastic scattering with no frequency shift), but a small number of photons undergo
Raman scattering (inelastic scattering), with their frequencies shifted due to changes in
molecular vibrational or rotational energy levels. Raman-active molecules located near
waveguides can be excited through either in-plane coupling (waveguide mode) or out-
of-plane coupling (as depicted in Figure 6a). In “classical” Raman scattering, emission
typically occurs in the reverse direction to eliminate background interference from the
excitation light (as illustrated in Figure 6b). This technique is particularly vital for studying
amorphous hydrogen storage materials, providing crucial insights into their structural
properties [76].
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Raman spectroscopy offers several advantages for characterizing hydrogen storage
materials, including its non-destructive and non-contact nature, high spectral resolution,
and the ability to identify different hydrogen-bonding configurations [77]. It is particularly
useful for studying the interactions between hydrogen and the host material, such as the
formation of metal–hydrogen bonds [78]. This technique is particularly vital for studying
amorphous hydrogen storage materials, providing crucial insights into their structural
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properties [79–81]. Raman spectroscopy has proven invaluable in studying the local struc-
ture and bonding in complex hydrides. Ross et al. [74] used this technique to investigate the
decomposition pathway of sodium aluminum hydride (NaAlH4), a promising hydrogen
storage material. Their study revealed distinct Raman shifts associated with different Al-H
bond configurations, providing insights into the dehydrogenation mechanism. Pedraza
et al. [82] studied the mechanism of hydrogen release from ammonia borane within meso-
porous materials using Raman spectroscopy and mass spectrometry. Figure 6a,b show that,
at the point of maximum hydrogen evolution, the deformation mode of -NH3 at 1601 cm−1

disappears, while two new modes emerge at 1565 cm−1 and 1085 cm−1, indicating the
formation of polymeric aminoborane (PAB). When the temperature reaches around 101 ◦C,
the intensity of these modes decreases significantly, along with other vibrational modes
such as B-H, H-B-H, B-N, and N-B-H. At 50 ◦C, the B-N stretching modes of 10B and 11B at
799 cm−1 and 783 cm−1 show a slight redshift (see inset in Figure 7), and around 106 ◦C,
they merge and diminish sharply, almost disappearing at 109 ◦C. However, the mode near
783 cm−1 persists at higher temperatures and is associated with the B-N vibrational mode
in polyaminoborane (-[BH2NH2]n−), indicating the formation of this phase. Additionally,
above 100 ◦C and with Raman shifts higher than 3150 cm−1, strong noise appears in the
signal. The entire Raman spectrum undergoes significant changes around 106 ◦C, with all
vibrational modes weakening, while hydrogen release becomes highly significant in the
online mass spectrometry analysis (Figure 7c).
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Figure 7. (a) Representative Raman spectra. (b) In situ Raman profile of materials under heating
conditions (from room temperature to 200 ◦C) and (c) simultaneous mass spectrometry profiles for
H2 and other volatile components evolved during thermal decomposition of neat AB under a ramp
of 1 ◦C·min−1 [82].
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Fourier transform infrared spectroscopy (FTIR) is an analytical technique that studies
the molecular composition and chemical structure of a sample by measuring the absorption
or transmission of infrared spectra [89,91]. Different molecular functional groups exhibit
specific absorption characteristics for particular wavelengths of infrared light [88,90]. FTIR
identifies these characteristic absorption peaks, allowing for rapid, sensitive, and non-
destructive qualitative and semi-quantitative analysis [86,87]. It is widely applied in fields
such as chemistry, materials science, environmental monitoring, and pharmaceuticals.

In the study of coordination hydrides, FTIR plays a key role as it can accurately de-
tect changes in molecular structure and chemical bonds. Coordination hydrides undergo
dynamic changes in metal–hydrogen coordination bonds or hydride groups during hy-
drogen storage and release processes. FTIR can reveal the mechanisms of hydrogenation
and dehydrogenation by monitoring the characteristic absorption peaks of these chemical
bonds. By tracking the changes in M–H (metal–hydrogen) bond vibration frequencies, FTIR
can directly follow the interactions between metal centers and hydrogen in coordination
hydrides during hydrogen absorption and desorption. Different metal coordination centers
(e.g., transition metals or rare-earth elements) and hydride combinations produce unique
infrared absorption peaks, allowing FTIR to distinguish these changes and identify different
hydrogen storage mechanisms. Ding et al. [37] utilized FTIR to investigate the hydrogen
storage mechanism of the LiBH4-MgH2 system prepared via ball milling aerosol spraying
(BMAS), as shown in Figure 8. Although the characteristic absorption of LiH at 1030 cm−1

overlaps with the absorption band of α-Mg(BH4)2, the absorption bands of Mg(BH4)2 at
1262 and 1375 cm−1 almost disappeared in the 8R sample, while the absorption band at
1030 cm−1 remained visible, indicating the presence of LiH during the reaction process.
This observation suggests that Mg(BH4)2 gradually decomposes over several dehydrogena-
tion cycles, while LiH is formed through the reactions as follows: 12LiBH4(s) = Li2B12H12(s)
+ 10LiH(s) + 13H2(g) and Li2B12H12(s) + 6MgH2(s) = 6MgB2(s) + 2LiH(s) + 11H2(g). The
gradual increase in the intensity of MgB2 and LiH in the samples after cycling reflects
the partial reversibility of the above reactions and further explains the gradual decline in
hydrogen capacity of the BMAS powders during the cycling process.
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Figure 8. FTIR spectra of (a) the commercially purchased bulk KBr powder, (b) hand-mixed
MgH2 + 5 vol% C, (c) BMAS powder, (d) BMAS powder after one dehydrogenation (1R) powder,
(e) BMAS powder after one dehydrogenation and then re-hydrogenation (1S) powder, and (f) BMAS
powder after 7 cycles of dehydrogenation and re-hydrogenation and then dehydrogenation again
(8R) powder [37].

Raman spectroscopy is a key tool for studying the hydrogenation and dehydrogenation
mechanisms of metal hydrides. By monitoring changes in Raman spectra during hydrogen
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adsorption, insights into phase transitions, structural changes, and kinetics can be obtained.
To fully exploit the potential of Raman spectroscopy, researchers have developed advanced
instruments and data analysis methods, such as confocal Raman microscopy for high-
resolution spatial mapping and in situ Raman spectroscopy for real-time monitoring
of hydrogen adsorption processes. Alongside Raman spectroscopy, FTIR also plays an
important role in hydrogen storage studies by detecting changes in chemical bonds between
hydrogen and metal or metal oxide matrices, providing molecular vibrational information
during hydrogen absorption and desorption.

These two techniques complement each other, with FTIR being particularly advan-
tageous for detecting X-H (such as M-H or O-H) stretching vibrations in hydrides. In
combination, Raman and FTIR spectroscopy provide a comprehensive analysis of material
structures, chemical bond vibrations, and phase transitions, offering powerful tools for the
design and optimization of hydrogen storage materials.

3.1.2. X-Ray Diffraction and Neutron Scattering

X-ray diffraction (XRD) is a fundamental technique for characterizing the crystallo-
graphic structure, phase composition, and structural changes in hydrogen storage material,
and the schematic diagram is shown in Figure 9. Its fundamental equation is Bragg’s law,
which describes the conditions for XRD in a crystal. When X-rays illuminate a crystal, the
atomic planes within the crystal cause the XRD [92,93]. By measuring the diffraction angles
and intensities, one can determine the lattice parameters and atomic arrangement of the
crystal [104,105]. Bragg’s law reveals the relationship between the crystal structure and the
X-ray wavelength, enabling the inference of the crystal’s three-dimensional structure from
its diffraction pattern [103].
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Figure 9. Schematic diagram of the XRD principle.

XRD is widely used in hydrogen storage research to investigate the structural proper-
ties of metal hydrides, complex hydrides, and other crystalline storage materials [94–96]. It
allows for the identification of the hydrogen storage phases, the determination of the phase
abundances, and the study of phase transitions during the hydrogen sorption processes.
One of the advantages of XRD is its non-destructive nature, allowing for the characteriza-
tion of the bulk properties of the material [97]. It provides statistical information about the
average structure, complementing local probe techniques like Raman spectroscopy. In situ
XRD has emerged as a powerful tool for studying the structural evolution of hydrogen stor-
age materials during absorption and desorption cycles. Zlotea et al. [98] used in situ XRD to
analyze the hydrogen release and absorption process of the TiZrNbHfTa high-entropy alloy.
Through in situ XRD (Figure 10a,b), the phase transformations between the alloy, monohy-
dride, and dihydride were observed clearly, greatly aiding researchers in understanding
the dynamic hydrogen absorption and desorption processes of the alloy materials.

Furthermore, the advent of high-energy synchrotron X-ray sources has enabled rapid,
time-resolved XRD measurements. Jensen et al. [99] leveraged this capability to study the
dehydrogenation kinetics of NaAlH4, a promising complex hydride. Their millisecond-
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resolution measurements uncovered transient phases that play a critical role in the hydrogen
release process, demonstrating the power of advanced XRD techniques in elucidating
complex reaction mechanisms.
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Neutron scattering techniques, including neutron diffraction and inelastic neutron
scattering, are powerful tools for investigating the structural and dynamic properties of
hydrogen in storage materials [100,101]. Neutron scattering involves the interaction of
neutrons with the atomic nuclei in the material to study the structure and dynamics of
the material. Neutron scattering includes elastic scattering (such as neutron diffraction)
and inelastic scattering. When a neutron beam irradiates a sample, neutrons scatter off the
sample’s atomic nuclei, and the scattered neutrons are collected by detectors, as illustrated
in Figure 11 [102]. By analyzing the angle and energy distribution of the scattered neutrons,
information about the atomic structure and dynamics of the sample can be obtained.
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By measuring and analyzing the scattering cross-section and momentum transfer,
the atomic structure and dynamics of the sample can be inferred. Neutrons have unique
advantages for studying hydrogen, as they can penetrate deep into the material and
have high sensitivity to light elements like hydrogen [106]. In situ neutron scattering
can determine the reaction process of Mg-based hydrides by tracking phase changes and
distributions during H2 desorption and absorption reactions. Ponthieu et al. [107] studied
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the reversible deuterium absorption of MgD2-TiD2 nanocomposites using this technique. By
examining the in situ H2 desorption process, they found that the dehydrogenation peak of
0.3TiH2-0.7MgH2 appeared at 520 K, approximately 30 K lower than that of pure MgD2, and
the desorption kinetics were significantly faster. They discovered that the transformation
of β-MgD2 to Mg is the only reversible loading path for deuterium at moderate pressure
and temperature (i.e., p < 1 MPa, T < 600 K). The addition of TiD2 not only restricted
grain growth of the Mg and MgD2 phases but also induced lattice distortion in β-MgD2.
The TiD2 phase facilitated hydrogen migration through the sub-stoichiometric MgD2-η
phase and TiD2-η phase, as well as the coherent interface between TiD2 and Mg/MgD2
phases. As shown in Figure 12a, XRD can clearly characterize the phase composition
of the composite material but struggles to distinguish its crystal structure. Therefore,
neutron diffraction becomes crucial for analysis. In Figure 12b, the signal intensity of
γ-MgD2 is significantly stronger than in the XRD results. The combination of these results
confirms the coexistence of both β-MgD2 and γ-MgD2 phases in the composite material. It
is worth noting that, in neutron scattering analysis, different hydrogen isotopes may occupy
different interstitial sites within the metal lattice and have varying activation diffusion
barriers, which could impact the performance analysis of hydrogen storage materials. Thus,
ensuring the accuracy of the research is another challenge that must be addressed when
using this method in hydrogen storage material studies.

Neutron diffraction provides detailed information about the crystal structure, phase
composition, and hydrogen occupancy in storage materials [108–110]. Inelastic neutron
scattering, on the other hand, probes the vibrational and rotational dynamics of hydrogen
within the material [111]. To harness the full potential of neutron scattering techniques,
researchers have developed advanced instrumentation and data analysis methods [106].
The use of high-intensity neutron sources and optimized sample environments has en-
hanced the capabilities of these techniques [112]. Combining neutron scattering with
complementary characterization methods, such as XRD and Raman spectroscopy, pro-
vides a comprehensive understanding of the structural and dynamic aspects of hydrogen
storage materials.
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3.1.3. X-Ray Photoelectron Spectroscopy

X-ray photoelectron spectroscopy (XPS) is a surface-sensitive technique that provides
valuable information about the elemental composition, chemical states, and electronic
structure of hydrogen storage materials [113]. This method is based on the excitation of
photoelectrons from a sample by X-rays and the measurement of the photoelectrons’ kinetic
energy to determine the elemental composition and chemical states of the sample. When
X-rays illuminate a sample, the atoms in the sample absorb the X-ray energy and emit
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photoelectrons (Figure 13). The kinetic energy of these photoelectrons is related to the
energy of the incident X-rays and the binding energy of the atomic nucleus. By analyzing
the photoelectron spectrum, one can obtain binding energy information for the elements on
the sample surface, thereby determining the sample’s elemental composition and chemical
state [114].
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XPS is particularly useful for studying the surface chemistry of hydrogen storage
materials, as it can probe the top few nanometers of the sample [115]. It can provide
insights into the surface oxidation states, contamination levels, and chemical bonding
between hydrogen and the host material [116,117]. XPS has been widely used to investigate
the surface properties of metal hydrides, complex hydrides, and nanostructured storage
materials [118,119].

Selvam et al. [120] utilized XPS to analyze Mg2Cu and Mg2Ni alloys exposed to air,
finding that they undergo surface decomposition and preferential segregation of mag-
nesium in the presence of oxygen and moisture. The segregated magnesium primarily
existed as oxides and hydroxides on the surface, while Ni or Cu also appeared in oxidized
states. The passivation of the alloys was caused by the oxidation of the transition metal
components, and the researchers believed that the activation of these alloys involved the re-
duction of the oxidized three-dimensional elements and the formation of metal clusters. To
investigate the influence of TiOx on MgH2 in greater depth, Zhang et al. [123] analyzed the
internal chemical states of the samples using X-ray photoelectron spectroscopy (XPS). As
shown in Figure 14a,b, compared to the single Ti4+ state in TiO2, the Ti in the Ni0.034@TiO2
catalyst exhibits a mixed valence state of Ti4+ and Ti3+. During the dehydrogenation pro-
cess, the content of Ti4+ and Ti3+ decreases, while the proportion of Ti2+ and Ti0 increases.
Meanwhile, due to the electronegativity of Ti (1.54), which lies between that of Mg (1.31)
and H (2.20), it helps to weaken the Mg-H bond, thereby accelerating the dehydrogenation
reaction. Throughout the evolution of Ti valence states, the valence state of oxygen (O) also
changes. The O 1s XPS spectra of TiO2 show two peaks located at 529.18 eV and 530.98 eV,
corresponding to the Ti-O-Ti oxygen lattice (OL) and oxygen vacancies (OVs), respectively.
The OL/OV ratio in TiO2 is 87/13, while the OL/OV ratio in the Ni0.034@TiO2 catalyst is
71/29, significantly lower than that of TiO2. This indicates that the presence of single-atom
Ni promotes the formation of oxygen vacancies. Additionally, the OL/OV ratio in the
Nix@TiO2 sample is also lower than that in TiO2, further proving that Ni facilitates the
generation of oxygen vacancies. Combined with X-ray absorption spectroscopy data, the Ni
in the Ni0.034@TiO2 catalyst exhibits a mixed positive valence state, with a strong electron-
accepting capability. In this case, Ni attracts O ions, promoting the formation of oxygen
vacancies in TiO2, resulting in a higher number of oxygen vacancies compared to that of
pure TiO2. This is also consistent with recent findings on the influence of metal particles on
oxygen vacancies. Figure 14c illustrates the catalytic mechanism during hydrogenation and
dehydrogenation. Single-atom Ni can promote the formation of OVs and multivalent Tix+

species around TiO2 units. Oxygen vacancies serve as active sites that accelerate electron
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transfer, while Tix+ facilitates transitions between valence states via electron mediation, thus
avoiding the high energy required to directly break the Mg-H bond. The atomic interface
formed between isolated Ni atoms and Tix+ constitutes dispersed Ni-O-Tix+ active centers,
thereby enhancing catalytic performance. Overall, the synergistic interaction between
single-atom Ni and the TiO2 support significantly improves the catalytic effect.
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One of the key applications of XPS in hydrogen storage research is the study of surface
catalysts and coatings that enhance the hydrogen sorption kinetics [121,122]. By analyzing
the chemical composition and oxidation states of the surface species, the role of catalysts
in promoting hydrogen dissociation, diffusion, and recombination can be elucidated. To
overcome the limitations of XPS, researchers have developed advanced instrumentation and
data analysis methods, such as synchrotron-based XPS for high-resolution measurements
and in situ XPS studies for real-time monitoring of surface chemical changes. Combining
XPS with other surface characterization techniques, such as scanning tunneling microscopy
(STM) and atomic force microscopy (AFM), has provided a comprehensive understanding
of the surface morphology and chemical properties of hydrogen storage materials. XPS
has been crucial in understanding surface phenomena in hydrogen storage materials,
particularly catalytic effects and degradation mechanisms.

3.2. Structure Characterization Techniques
3.2.1. Scanning Electron Microscopy

Scanning electron microscopy (SEM) is an ideal tool for studying the microstructure
and surface characteristics of hydrogen storage materials due to its high-resolution imaging
capabilities [125]. SEM can reveal detailed morphological features of materials, helping
scientists understand the interactions between hydrogen and these materials, which is
crucial for designing more efficient hydrogen storage systems [126,127]. The microstructure
of materials, such as pore size, distribution, and surface roughness, directly affects the
adsorption and diffusion rates of hydrogen.

Through SEM, researchers can clearly see these structural features and evaluate their
specific impact on hydrogen storage performance. For example, larger pores may promote
rapid hydrogen diffusion, while higher surface roughness can increase the surface area,
providing more active sites for hydrogen adsorption. Additionally, SEM analysis can reveal
potential defects on material surfaces, such as cracks, fractures, or other irregular shapes,
which could affect the long-term stability and hydrogen storage efficiency of the materi-
als. By regularly using SEM to monitor these materials, scientists can track performance
changes during long-term use and adjust preparation processes or select more suitable
materials accordingly. Silva et al. [124] used SEM to observe the surface morphology of
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Ti11V30Nb28Cr31 at different stages of hydrogenation, finding that during laser processing,
the surface of the debris particles melted, increasing the proportion of oxides near the
surface. The manual grinding process leads to random particle size distribution, as shown
in Figure 15a,d,g,j. Figure 15b,c illustrate that the surface of the particles after breaking the
original alloy remains smooth with sharp edges, consistent with the brittle characteristics
of the alloy. Figure 15e,f show that laser treatment significantly alters the particle surface,
where rounded edges and a smooth surface suggest that the particles underwent remelting
and rapid solidification. The inset in Figure 15f reveals microcracks on the remelted surface,
which may contribute to the activation of the sample. Additionally, the remelted surface
could restore the hydrogenation ability of the aged sample. Figure 15h,i,k,l display the
similar behavior of both original and aged samples during hydrogenation. Surface cracks
caused by volume expansion during the hydrogenation process were observed in particles
analyzed under both conditions. These changes enhanced the alloy’s hydrogen storage
capacity. Therefore, surface remelting, oxide layer formation, and crack formation were con-
firmed to be factors influencing the hydrogen storage capacity of the pulse laser-activated
Ti11V30Nb28Cr31 alloy.
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In recent years, the development of environmental scanning electron microscopy
(ESEM) has brought revolutionary advancements to hydrogen storage research [128,131].
Unlike traditional SEM, ESEM allows for sample observation under near-natural conditions
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without requiring high vacuum or complex sample preparation [130,132]. This enables
researchers to directly monitor and record changes in material surfaces and microstructures
during hydrogen absorption and desorption processes in real time. ESEM is particularly
suitable for studying the interactions between hydrogen and materials. During hydrogen
absorption, ESEM can capture morphological changes on the material surface, such as
surface expansion, crack formation, or other structural deformations, in real time. These
observations provide valuable information for optimizing material design and improving
reaction speed and hydrogen storage capacity. Similarly, during hydrogen release, ESEM
can offer crucial visual evidence to help scientists understand the material’s regeneration
capability and long-term stability.

3.2.2. Transmission and Scanning Transmission Electron Microscopy

Advanced electron microscopy techniques, particularly transmission electron mi-
croscopy (TEM), have revolutionized our understanding of hydrogen storage materials at
the atomic scale [140]. With its superior resolution and accuracy, TEM allows researchers
to observe the atomic and molecular structure of materials in unprecedented detail. This
unique perspective provides scientists with critical insights into how these materials behave
during hydrogen storage [142].

Through TEM, scientists can directly observe the atomic arrangement and molecular
configuration within materials [141]. This capability not only helps reveal the fundamental
structural characteristics of materials but also allows researchers to see subtle changes
in the internal structure during hydrogen adsorption and desorption [143]. For example,
researchers can observe how hydrogen atoms bond with specific sites within the material
or how the lattice structure of the material deforms during hydrogen absorption. These
detailed observations provide valuable information for understanding the behavior of
hydrogen storage materials. By analyzing these microstructural changes, scientists can
better comprehend the mechanisms of hydrogen adsorption and the key factors influencing
storage capacity and release rate [149]. This in-depth understanding aids in developing
new materials and optimizing the chemical composition and microstructure of existing
materials to enhance their hydrogen storage performance. Furthermore, TEM’s high-
resolution imaging allows researchers to identify small defects within materials, such as
dislocations, vacancies, and interfacial mismatches. These defects significantly impact the
overall performance of materials, especially during repeated cycles of hydrogen adsorption
and desorption. Therefore, accurately identifying and analyzing these defects is crucial for
designing more durable and efficient hydrogen storage materials. Wu et al. [150] prepared
LiBH4 composites confined within bilayer carbon nanobowls through a strong capillary
effect under 100 bar H2 pressure. TEM analysis confirmed the gradual formation of bilayer
carbon nanobowls. Benefiting from the nanoscale confinement and catalytic functions of
carbon, the composite released hydrogen from 225 ◦C, peaking at 353 ◦C, with a hydrogen
release amount of up to 10.9 wt.%. Compared to bulk LiBH4, the peak dehydrogenation tem-
perature decreased by 112 ◦C. More importantly, the composite absorbed about 8.5 wt.% H2
at 300 ◦C and 100 bar H2, demonstrating significant reversible hydrogen storage capability.
Ren et al. [133] investigated the dehydrogenation mechanism of the MgH2/Ni@pCNF com-
posite using in situ high-resolution transmission electron microscopy (HRTEM) to observe
the microstructural evolution under electron-beam irradiation. Figure 16a–c show HAADF,
BF, and corresponding element mapping images of hydrogenated MgH2/Ni@pCNF, with
the red dashed box indicating the irradiated area. Figure 16d–g present the HRTEM images
of the composite material during the hydrogen release process, where the lattice fringes
observed in the selected area electron-diffraction patterns in each subfigure correspond to
the phase changes of the material throughout the reaction. Before irradiation, lattice fringes
were used to identify MgH2 (101) (Figure 16(d1)), Mg2NiH4 (311) (Figure 16(d2)), and MgO
(200) (Figure 16(d3)). Additionally, amorphous carbon frameworks of pCNF, acting as
scaffolds for the nanoconfined MgH2, were observed in all HRTEM images (Figure 16d–g).
After 3 min of irradiation, part of the Mg2NiH4 began to decompose, converting into Mg2Ni
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(Figure 16(e2)). A 0.246 nm plane spacing was observed between MgH2 (Figure 16(e3)) and
Mg2NiH4 (Figure 16(e4)), corresponding to Mg (101) (Figure 16(e1)), indicating that MgH2
near MgH2NiH4 was also starting to decompose. The desorption of Mg2NiH4 induced lat-
tice volume changes, which introduced internal stress and defects at the Mg2NiH4/MgH2
interface, promoting MgH2 desorption. Furthermore, the interface between the catalyst
(Mg2NiH4/Mg2Ni) and the matrix (MgH2) facilitated rapid hydrogen diffusion, accel-
erating MgH2 desorption. After 6 min of irradiation, only Mg2Nif (Figure 16(f2)), Mg
(Figure 16(f1)), and MgH2 (Figure 16(f3)) remained, indicating that Mg2NiH4 completely
decomposed earlier than MgH2. After 10 min of electron-beam irradiation, the hydrogen
in the irradiated area was fully released and transferred to Mg (Figure 15(g1)) and Mg2Ni
(Figure 15(g2)). Moreover, due to the confinement of pCNF, the Mg-based nanoparticles
did not experience significant growth or agglomeration.
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Figure 16. In situ TEM analysis of the hydrogenated MgH2/Ni@pCNF composites: (a) HAADF
image (the square marked by red dotted line indicates the irradiated area). (b) BF image. (c) The
corresponding elemental mapping of C, N, Mg, and Ni. (d–g) HRTEM images and selective electron
diffraction at random points showing the evolution of microstructure upon hydrogen desorption
induced by the electron-beam irradiation. (d1–d3) Initial microstructure showing lattice fringes of
MgH2 (101), Mg2NiH4 (311), and MgO (200), respectively, before irradiation. (e1–e4) After 3 min,
partial decomposition of Mg2NiH4 into Mg2Ni begins, with defects forming at the Mg2NiH4/MgH2

interface, promoting hydrogen desorption, while some MgH2 remains stable. (f1–f3) At 6 min,
complete decomposition of Mg2NiH4 is observed, while MgH2 remains partially stable, and Mg
nanoparticles become visible. (g1,g2) After 10 min, hydrogen is fully released and transferred to Mg
and Mg2Ni [133].
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Additionally, the development of in situ environmental transmission electron mi-
croscopy (E-TEM) has made it possible to observe materials directly under dynamic,
real-world conditions, which is crucial for studying hydrogen storage materials [147,148].
Traditional TEM requires vacuum conditions, limiting the observation of material behavior
under actual operating conditions [145,146]. In contrast, E-TEM allows for the observa-
tion of materials in a gaseous environment, which can include hydrogen, thus providing
genuine insights into the behavior of these materials during hydrogen adsorption and
desorption [144]. Through E-TEM, researchers can observe structural changes during
the hydrogen cycling process in real time [151,152]. This includes observing how atoms
rearrange, how defects in the material evolve, and how the crystal structure of the material
changes during hydrogen adsorption and release. These observations are critical for under-
standing the mechanisms of hydrogen adsorption and the factors influencing the efficiency
and durability of storage materials. Future rational use of E-TEM can help identify the best
materials and designs for hydrogen storage, allowing scientists to conduct experiments on
different materials and under various environmental conditions.

3.2.3. Atomic Force Microscopy

Atomic force microscopy (AFM), as a precise surface analysis tool, has provided valu-
able insights into the surface morphology and mechanical properties of hydrogen storage
materials [135,137]. AFM measures forces through interactions between the probe and the
sample surface, allowing for nanoscale mapping of material surfaces [136,138]. This de-
tailed surface characterization is crucial for understanding and optimizing the performance
of hydrogen storage materials [134]. AFM’s high-resolution imaging capabilities enable it
to reveal the microstructure of materials, such as nanoparticles, pores, and cracks, which
are key factors in evaluating the adsorption capacity of materials. Furthermore, AFM can
measure mechanical properties such as hardness and elastic modulus, which are critical
for designing hydrogen storage systems that maintain structural stability under various
operating conditions.

Kalisvaart et al. [139] used AFM to analyze the surface changes of Mg and Mg-10%Cr-
10%V films in both deposited and hydrogenated states. As shown in Figure 17, the surface
of the deposited palladium (Pd) film is extremely smooth, with a root-mean-square (RMS)
roughness of only 5 Å. In the hydrogenated state, the Pd layer appears to break into small
particles with diameters of approximately 20 nm, leading to a 2- to 13-fold increase in the
measured RMS roughness. Due to the tip effect, atomic force microscopy (AFM) often
underestimates roughness. In fact, because of the close spacing of Pd particles, the relatively
large tip radius of the AFM (6 nm) almost certainly leads to a significant underestimation
of roughness, especially in hydrogenated samples. Therefore, the increase in surface rough-
ness observed after combining neutron reflectometry (NR) data are primarily attributed to
the fragmentation of the Pd layer into small particles.

Recent advancements in high-speed atomic force microscopy (high-speed AFM) tech-
nology have enabled scientists to observe dynamic processes at the nanoscale in real
time [153,154]. High-speed AFM significantly improves imaging speed, allowing re-
searchers to observe and record changes in material surfaces during hydrogen adsorption
and desorption almost in real time [155,156]. This capability is particularly important for
understanding the dynamic characteristics of hydrogen–material interactions [157]. For
example, through high-speed AFM, researchers can directly observe changes in surface
morphology caused by hydrogen adsorption, such as slight expansion or contraction of
the surface. These changes might be difficult to capture with traditional AFM due to their
rapid occurrence. Additionally, this technology can be used to study the fatigue behavior of
materials during multiple cycles of hydrogen adsorption and desorption, providing direct
experimental data for assessing the long-term stability and reusability of materials.
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Figure 17. AFM micrographs of Ta/Mg/CrV/Pd and Ta/Mg-10%Cr-10%V/CrV/Pd in the as-
deposited and hydrogenated state. The Ta/Mg/CrV/Pd was hydrogenated at 50 mbar for 14 h and
Ta/Mg-10%Cr-10%V/CrV/Pd at 10 mbar for 20 h. The inset shows the micrograph of the hydrided
film on the same brightness scale as the as-deposited state for Ta/Mg/CrV/Pd [139].

4. Challenges and Limitations
4.1. Obstacles and Limitations in Hydrogen Storage Performance Characterization

The characterization of hydrogen storage performance faces multifaceted challenges
that significantly impact the accuracy, reliability, and interpretability of experimental data.

Volumetric measurements, particularly the Sieverts method, are susceptible to sys-
tematic errors arising from thermal gradients, pressure sensor drift, and gas impurities.
Zhou et al. [21] highlighted the critical impact of temperature gradients on volumetric
measurements, demonstrating how even minor thermal fluctuations can lead to substantial
errors in calculated hydrogen uptake. This issue is particularly pronounced for materials
with low storage capacities or slow kinetics, where small measurement errors can lead to
significant overestimation or underestimation of storage performance.

The challenge of achieving true equilibrium conditions during measurements is ex-
acerbated by the slow kinetics of many advanced storage materials. Complex hydrides
and nanostructured composites often exhibit multi-step absorption/desorption processes
with varying time scales, making it difficult to determine when true equilibrium has been
reached. This kinetic limitation can lead to underestimation of storage capacities and
misinterpretation of thermodynamic parameters, particularly when fixed measurement
times are used across different materials.

The discrepancy between laboratory-scale measurements and real-world performance
remains a significant hurdle. Factors such as heat and mass transfer limitations, which
are often negligible in small-scale experiments, become critical in larger systems. The
work of Ding et al. [28] on nanostructured LiBH4-MgH2 systems exemplifies this challenge,
where the excellent performance observed in laboratory tests may not directly translate to
practical storage systems due to scaling effects on heat transfer and reaction kinetics.

4.2. Challenges and Constraints in Structure and Composition Characterization

The structural and compositional characterization of hydrogen storage materials
presents unique challenges that limit our ability to fully understand storage mechanisms
and material properties.

In situ characterization, which observes materials in their “native environment”,
and operando characterization, which captures real-time data under “actual working
conditions”, can provide researchers with deep insights into the structural and functional
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changes of materials. Although in situ and operando characterization techniques are highly
powerful, they often require certain compromises in experimental conditions, such as
reduced resolution, decreased sensitivity, or simplified setups, to meet the demands of
real-time monitoring. In situ TEM, for instance, allows real-time observation of structural
changes during hydrogen absorption/desorption but typically operates at lower pressures
than those used in practical storage systems. This pressure gap can lead to observations
that may not accurately represent material behavior under realistic conditions. The study
by Ren et al. [133] on MgH2/Ni@pCNF composites using in situ HRTEM illustrates both
the power and limitations of these techniques in studying the dehydrogenation mechanism
of complex nanostructured materials.

Raman spectroscopy, while sensitive to hydrogen-containing bonds, faces challenges
in quantitative analysis due to variations in scattering cross-sections and the potential
for laser-induced sample heating. The work of Pedraza et al. [82] on ammonia borane
decomposition demonstrates both the power and limitations of Raman spectroscopy in
studying hydrogen storage materials, highlighting the need for careful experimental design
and data interpretation.

The characterization of multi-component and nanostructured materials presents addi-
tional complexities. Techniques like XPS and SIMS offer high surface sensitivity but may
not accurately represent bulk compositions. Conversely, bulk techniques may overlook
critical surface phenomena that govern hydrogen uptake and release. The study by Xing
et al. [121] on carbon-coated CoNi nanocatalysts illustrates the challenge of characterizing
complex nanostructured materials, where the distribution and chemical state of catalytic
components play crucial roles in enhancing storage performance.

Addressing these challenges requires continued development of advanced charac-
terization tools, improved experimental protocols, and sophisticated data analysis meth-
ods. Emerging approaches, such as machine learning-assisted data interpretation and
multi-modal characterization platforms [158], offer promising avenues for overcoming
current limitations. However, realizing the full potential of these advanced characterization
approaches will require close collaboration between experimentalists, theorists, and instru-
ment developers to ensure that the data obtained accurately reflects the intrinsic properties
and behavior of hydrogen storage materials under realistic operating conditions.

5. Conclusions and Perspective

The field of solid-state hydrogen storage materials has made significant strides in
recent years, with the development of advanced characterization techniques and the emer-
gence of novel materials. However, ongoing challenges in understanding the complex
hydrogen storage mechanisms and optimizing material performance necessitate continued
research and innovation.

This comprehensive review has provided an overview of the key characterization
techniques employed in the field of solid-state hydrogen storage, discussing their principles,
advantages, limitations, and synergistic applications. Conventional techniques such as
Sieverts method, gravimetric analysis, SIMS, TDS, neutron scattering, and electrochemical
methods have been discussed in detail, highlighting their roles in unraveling the intricate
relationship between the structure, composition, and properties of hydrogen storage mate-
rials. Emerging optical characterization techniques, including Raman spectroscopy, XRD,
and XPS, have been explored, emphasizing their potential in providing insights into the
local structure, bonding, and surface chemistry of these materials.

Practical considerations, such as equipment availability, sample preparation, and
cost-effectiveness, have been addressed to provide a pragmatic guide for researchers in the
field. The challenges associated with characterizing novel hydrogen storage materials, such
as nanoconfined hydrides, MOFs, and graphene-related materials, have been highlighted,
and innovative approaches to tackle these challenges have been discussed.

Looking ahead, the integration of in situ and operando characterization techniques,
computational modeling, and data-driven approaches will be crucial for accelerating the

142



Molecules 2024, 29, 5014

discovery and optimization of high-performance hydrogen storage materials. Collaborative
efforts among researchers from diverse disciplines and the establishment of standardized
characterization protocols and databases will be essential for advancing the field towards
practical applications.

As the world transitions towards a sustainable energy future, the development of
efficient and reliable hydrogen storage solutions will play a critical role in enabling the
widespread adoption of clean energy technologies. By addressing the characterization
challenges and embracing innovative approaches, the scientific community can unlock the
full potential of solid-state hydrogen storage materials and contribute to the realization of a
hydrogen-based energy economy.
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Abstract: Sintering is a common phenomenon, which often takes place during the oxidation roasting
process of molybdenite concentrate in multiple-hearth furnaces. The occurrence of sintering phe-
nomena has detrimental effects on the product quality and the service life of the furnace. In this
work, the influence of two key factors (roasting temperature and K content) on the sintering behavior
is investigated using molybdenite concentrate as the raw material. Different technologies such as
XRD, FESEM-EDS, and phase diagrams are adopted to analyze the experimental data. The results
show that the higher the roasting temperature is, the greater the mass loss and the more serious the
sintering degree will be. The results also show that with the increase in K content, the mass loss of
the raw material is first increased and then decreased, while its sintering degree is still gradually
increased. The sintering products obtained during the oxidation roasting process are often tightly
combined with the bottom of the used crucible with a smooth and dense surface structure, while
their internal microstructures are very complicated, which not only includes numerous MoO3 species,
but also unoxidized MoS2, Mo sub-oxide, SiO2, and a variety of molybdates. Among them, both
MoO3 and molybdates can be easily dissolved into the ammonia solution, leading to a residue mainly
composed of SiO2 and CaMoO4. This study also finds that the sintering phenomenon is caused
by the increase in local temperature and the formation of various low-melting-point eutectics. It
is suggested that decreasing the roasting temperature and K content, especially the K content, are
effective methods for reducing the sintering degree of molybdenite concentrate during the oxidation
roasting process.

Keywords: molybdenite concentrate; oxidation roasting; sintering behavior; temperature; K content

1. Introduction

The oxidation roasting of molybdenite concentrate in multiple-hearth furnaces is an
important process for preparing molybdenum calcine and the subsequent molybdenum
products [1–7]. Data in the literature show that this process is composed of two main
steps: the oxidation of MoS2 to MoO2 (Reaction (1)) and the further oxidation of MoO2 to
MoO3 (Reaction (2)) [8–11]. However, the sintering phenomenon always occurs during
the process, which makes the prepared molybdenum calcine become dense and hard. The
occurrence of the sintering phenomenon will also cause some other adverse effects, such as
the incomplete oxidation of molybdenite concentrate and the increase in residual sulfur
content. In addition, the target teeth and target arm of the multiple-hearth furnace may
be damaged if the sintering phenomenon is serious enough, which will even lead to the
occurrence of a “dead furnace”. In order to enhance the product quality of molybdenum
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calcine and improve the service life of multiple-hearth furnaces, a systematic analysis of
the sintering mechanism, therefore, is important.

MoS2 + 3O2 = MoO2 + 2SO2 (1)

MoO2 + 0.5O2 = MoO3 (2)

Numerous papers about the sintering behaviors of molybdenite concentrate have
been reported [12,13], and they found that the main influencing factors include roasting
temperature, impurity type and content, sample thickness, stirring speed, reaction time,
oxidation atmosphere and pressure, etc. [14–17]. For example, our previous work [18]
demonstrated that sintering phenomena will not occur when adopting air as the oxidation
atmosphere at 600 ◦C, whereas when oxygen is adopted, the sintering phenomenon will
occur. The influence of different factors (roasting temperature, impurity type, and content)
on the sintering degree of pure MoS2 were also investigated [19], and the results showed
that impurities such as elements Al and Si had no obvious effect on the sintering behavior;
as for the impurities such as elements Ca, Fe, Pb, Mg, Cu, and K, however, the effects
were serious. Similar results were also reported by Bu et al. [20], in which molybdenite
concentrate was used as the raw material.

Even though many valuable conclusions about the sintering behavior have been drawn
in recent decades, some issues still exist. For example, research concerning the influence of
different factors on the regular phase transition of the sintering product is lacking; as to
the morphology evolution behavior, related research is also scarce. In order to make up for
these gaps, the current work was initiated. On one hand, K impurities were reported to
have serious influences on the sintering behavior [19]; on the other hand, it was considered
as a harmful element on the product performance of Mo-based alloys [21,22]. Therefore, K
impurities were selected as the main study object in this work. In addition, the influence
of roasting temperature on the sintering behavior of molybdenite concentrate during the
oxidation roasting process was also investigated.

2. Results
2.1. Mass Loss and Sintering Degree

The mass loss of the mixed sample and the mass of the sintering product were calcu-
lated by the following equations:

mmass loss = mtotal − mresidual sample (3)

msin tering product = mresidual sample − msurface loose (4)

where mmass loss is the mass loss of the mixed sample, g; mresidual sample and msurface loose are
the masses of the residual sample and the surface loss sample after the roasting reaction,
respectively, g; mtotal is the initial mass of the used mixed sample; msin tering product is the
mass of the sintering product that adhered tightly to the bottom of crucible.

The sintering degree of the used mixed sample was defined as the ratio of the sintering
product mass to the residual sample mass, see Equation (5):

β =
msin tering product

mresidual sample
(5)

2.1.1. Influence of Roasting Temperature

Figure 1 shows the influence of roasting temperature on the mass loss and sintering
degree of the used mixed sample. When the roasting temperature is 550 ◦C, the mass
loss and sintering product mass are both small, which may be due to the low roasting
temperature and reaction rate. When the roasting temperature increased from 550 ◦C to
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700 ◦C, the values of mass loss and sintering product mass are both gradually increased.
At 700 ◦C, the sintering product mass reaches its peak value (0.6803 g). When the roasting
temperature increased to 750 ◦C, the mass loss is still increased, while the sintering product
mass begins to decrease, which may be due to the strong sublimation effect of MoO3 at
higher-temperature atmospheres [23–25]. As for the sintering degree, the results show that
its value is gradually increased until reaching 1 at 700 ◦C; that is to say, when the roasting
temperature is higher than 700 ◦C, the residual samples are all sintering products and they
are all firmly glued to bottom of the crucible.
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Figure 1. Influence of roasting temperature on the mass loss and sintering degree of the used mixed
sample (K content: 2%).

2.1.2. Influence of K Content

Figure 2 shows the influence of K content on the mass loss and sintering degree of
the used mixed sample. From this figure, it can be found that K content has significant
influences on the mass loss: when the K content is below 1%, the mass loss is gradually
increased; however, due to the small amount of K2CO3, the release rate of gaseous products
is relatively slow, and thus the increase rate of mass loss is relatively slow. When the
K content is in the range of 1% to 3.5%, the results show that the mass loss is increased
with a relatively fast increase rate, which may be due to the higher release rate of gaseous
products, especially for SO2 and CO2. Moreover, the maximum mass loss of 0.4532 g will
be reached at a K content of 3.5%. Strangely, when the K content is further increased (above
3.5%), the mass loss begins to decrease. For this phenomenon, we have conducted several
trials with the same experimental samples and procedures in order to verify the result, and
the obtained mass losses are all similar to those that displayed in Figure 2, which indicates
that the displayed results have a good reproducibility. Herein, the reason for the decrease
in the mass loss at a higher K content may mainly result from the strong sintering behavior
and the incomplete oxidation of molybdenite concentrate. Figure 2 also shows that the
sintering product’s mass and sintering degree are both increased with the increasing K
content: when the K content is 3.5%, the sintering product mass is 0.5468 g and the sintering
degree reaches 1, which indicates that under these conditions the residual samples are
all becoming sintering products. Further increasing the K content, the sintering product
mass is still increased, and the sintering degree always remains constant at 1. Herein, the
ever-increasing sintering product mass is another important reason for the ever-decreasing
mass loss under the conditions of a K content above 3.5%.
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Figure 2. Influence of K content on the mass loss and sintering degree of the used mixed sample
(roasting temperature: 650 ◦C).

2.2. Phase Composition of Sintering Product

The phase composition of the surface loss sample after the roasting reaction is first
checked, and the result shows that it is mainly composed of MoO3; in addition, its mor-
phological structure is observed, and the results demonstrate that it will transform from
an irregular granular structure to a platelet-shaped structure as the roasting temperature
increases. The results agree well with our previous work [18]. However, since the main
task of this work is to investigate the influence of roasting temperature and K content on
the sintering behavior of molybdenite concentrate during the oxidation roasting process,
the systematic analysis of the two factors on the phase composition of the sintering product
is therefore the focus.

2.2.1. Influence of Roasting Temperature

Figure 3 shows the influence of roasting temperature on the phase composition of the
sintering product. As observed in Figure 3a, the raw material before the roasting reaction is
only MoS2, and the other impurity components are not detected due to their low amount.
When the roasting temperature is 550 ◦C, the result shows that the sintering product is
mainly composed of MoO3; in addition, small amounts of MoS2, MoO2, Mo4O11, K0.3MoO3,
K2MoO4O13, and SiO2 also exist (see Figure 3b). Increasing the roasting temperature to 600
◦C, the result is similar to that obtained at 550 ◦C; however, the intensity of the diffraction
peak of MoS2 is greatly weakened (see Figure 3c), indicating most of the MoS2 is oxidized.
No diffraction peak of MoS2 is detected when the roasting temperature increases to 650 ◦C.
This suggests that all the MoS2 has been completely oxidized or there is little left; even
so, the sintering product is still not only composed of MoO3, but also some molybdenum
sub-oxides and molybdates (see Figure 3d). When the roasting temperature is 700 ◦C,
the sintering product not only includes all the phases that existed at low temperatures,
but some new phases such as K4SiO4 and CaSiO3 are also observed (see Figure 3e). The
appearance of the new phases may be due to the complicated chemical reactions that only
occur at high temperatures. Figure 3e also shows that the intensity of the diffraction peak of
SiO2 is much stronger than that observed at low temperatures, meaning its relative amount
is increased. Further increasing the roasting temperature to 750 ◦C, it can be seen that
the intensity of the diffraction peak of MoO3 is weakened, while that of K2MoO4O13 is
enhanced (see Figure 3f). This result indicates that the amount of MoO3 is decreased and
that of K2Mo4O13 is increased. The reasons for this phenomenon may be due to the strong
sublimation effect of MoO3 and the favorable formation conditions for K2Mo4O13.
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Figure 3. XRD patterns of sintering product obtained at different roasting temperatures: (a) raw
material; (b) 550 ◦C; (c) 600 ◦C; (d) 650 ◦C; (e) 700 ◦C; (f) 750 ◦C. K content: 2%.

2.2.2. Influence of K Content

Figure 4 shows the influence of the K content on the phase composition of the sintering
product. When the raw material is used (εK = 0.14%), the results show that the sintering
product is mainly MoO3 (see Figure 4a); however, a small amount of other phases such as
MoO2 and K0.3MoO3 also exist. The results for the case with εK = 0.5% and 1% are nearly
the same as the raw material (see Figure 4b). When the K content increases to 2% (εK = 2%),
the result begins to differ, in which the sintering product not only includes all the phases
that are observed at low K contents, but some new phases such as K2Mo4O13 and SiO2 are
also detected, as shown in Figure 3d. Further increasing the K content to 3.5% (εK = 3.5%),
the phase compositions become more complicated: on one hand, the amount of K2Mo4O13
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is significantly increased; on the other hand, some new molybdates such as K2Mo3O10 and
K2Mo7O22 appear (see Figure 4c). When the K content is 5% (εK = 5%), the result is similar
to that obtained at εK = 3.5%; however, it can also be found that the relative intensity of
the MoO3 diffraction peak is significantly decreased, while that of K2Mo4O13 is increased
(see Figure 4d); this indicates that the relative amount of MoO3 in the sintering product is
decreased, while that of K2Mo4O13 increased. The above phenomena become more obvious
at a higher K content, where MoO3 could even disappears at εK = 10% (see Figure 4e,f).
In addition to molybdates, a large amount of SiO2 and CaMoO4 are also observed at the
higher K content conditions, which indicates that the impurities have been enriched at
this moment.
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Figure 4. XRD patterns of sintering product obtained at different K contents: (a) εK = 0.14%, raw
material; (b) εK = 0.5% and 1%; (c) εK = 3.5%; (d) εK = 5%; (e) εK = 7%; (f) εK = 10%. Roasting
temperature: 650 ◦C.
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2.3. Morphological Structure of Sintering Product
2.3.1. Influence of Roasting Temperature

Figure 5 shows the influence of roasting temperature on the morphological structure
of the sintering product. From this figure, it can be observed that roasting temperature
has no obvious influence on the microstructure, and all of products exhibit a smooth and
dense surface structure. The XRD results in Figure 3 show that the main phase composition
of the sintering product is MoO3, so it can be deduced that the smooth surface particles
are MoO3. Figure 5f is the macroscopic image of the residual sample after the roasting
reaction, from which it can be observed that when the roasting temperature is low (550 ◦C
and 600 ◦C), the residual sample exhibits a golden-yellow color and its surface is relatively
loose. When the roasting temperature increases to 650 ◦C and 700 ◦C, the results show that
the residual sample becomes a light grey color, and a smooth and dense surface structure
formed by liquid solidification is clearly observed; in this case, the residual sample is hard
to remove from the bottom of the crucible. When the roasting temperature increases to
750 ◦C, the results show that the mass of the residual sample is very small due to the
strong sublimation effect of MoO3, and no obvious smooth structure is observed, while the
residual sample is still tightly bound to the bottom of the crucible.
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2.3.2. Influence of K Content

Figure 6 shows the influence of K content on the morphological structure of the
sintering product. Unlike the influence of roasting temperature, Figure 6 demonstrates that
the K content has a certain influence on the microscopic structure. When the K content
is relatively low (0.14–2%), the results show that the sintering product mainly exhibits a
platelet-shaped structure with a large dimension. Combining the XRD results and other
references [18], the platelet-shaped product can be deduced to be MoO3. Increasing the K
content to a relatively high value (5–10%), the sintering product becomes coarse and the
amount of platelet-shaped particles is relatively small, which indicates that the amount of
MoO3 is decreased. The above results agree well with the XRD results shown in Figure 4.
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Figure 6. Morphological structure of sintering product obtained at different K contents: (a) εK = 0.14%,
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(h) Macroscopic image of the residual sample. Roasting temperature: 650 ◦C.

Figure 6h is a macroscopic image of the residual sample after the roasting reaction. It
shows that the residual sample exhibits a golden-yellow color when the K content is below
3.5%, while the surface structure is smoother and denser when the K content is 2% and
3.5%, indicating a large amount of liquid has formed. When the K content increases to
5%, the product’s surface appears grey, with the grey color becoming lighter when the K
content is further increased (7–10%).

2.3.3. Cross-Section Microstructure

Both Figures 5 and 6 show the three-dimensional microstructure of the sintering
product, and the results are beneficial to the qualitative analysis of the sintering degree. To
gain insight into the sintering mechanism of molybdenite concentrate, the cross-section
microstructure of the sintering product is also analyzed. Herein, the sintering products
obtained under the following conditions are selected as the experimental samples: 650 ◦C
and 2% K, 650 ◦C and 5% K, 650 ◦C and 7% K, 650 ◦C and 10% K, as well as 750 ◦C and 2%
K. The corresponding results are displayed in Figure 7. It shows that all the samples reveal
various color regions, such as black, light-grey, and light-white, which indicates that the
phase composition of the sintering product is complex. From Figure 7, it can also observe
that the black phase (which is identified to be SiO2) is not closely connected with the other
phases and many cracks/fissures (yellow square area) exist, while the light-grey phase and
light-white phase are tightly bonded. The reason for the phenomenon may be due to the
different wettabilities between different phases.
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εK = 10%; (e) 650 ◦C, εK = 10%; (f) 750 ◦C, εK = 2%.

In order to identify the elemental distribution and possible phase composition of
different color areas, EDS area scanning maps are used. In this section, sintering products
obtained under the following conditions were selected as the experimental samples: 650 ◦C
and 2% K, 650 ◦C and 10% K, as well as 750 ◦C and 2% K. The corresponding map scanning
results are presented in Figures 8–10, respectively. In the case of 650 ◦C and 2% K, Figure 8
shows that the main elements are O and Si in the black area, indicating the existence of
SiO2. The oxidation roasting of molybdenite concentrate in air/oxygen atmosphere was
investigated in our previous work [18], and the results found that SiO2 also existed in the
molybdenum calcine. If the molybdenum calcine contains SiO2, undoubtedly, the SiO2 will
also remain in the sintering product. As for the light-grey and light-white areas, Figure 8
shows that the main elements are Mo and S, indicating the existence of unreacted MoS2;
furthermore, partial K, Ca, and Mg are also detected in the two regions. Al and Fe are
uniformly distributed in the whole field of view. With the increase in the K content to 10%,
the main elements in the black area are O, Si, and Al (see Figure 9). The appearance of
the additional Al element may be due to the complicated chemical reaction that occurred
under the higher K content condition. Some overlapping areas between elements, namely
Al and Fe, are also observed (marked by red squares in Figure 7d), indicating that the two
elements could combine with each other to form a eutectic. In the case of 750 ◦C and 2%
K, the results show that the phase of the black region is SiO2, and Al and Fe also have
some overlapping regions (see Figure 10), which is similar to the results shown in Figure 9.
However, in this case, elements Al and Si have no obvious overlapping regions. According
to the above results, it can be inferred that a higher K content is the prerequisite for the
mutual solution of Al and Si; the above results also suggest that the K content has a more
significant influence on the sintering behavior than roasting temperature. However, the
elements of Al, Fe, and Mg are not detected in the XRD patterns, which may be due to their
low amounts, which can even be below the detection limits of XRD measurement.
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Figure 10. Map scanning result of the cross-section of the sintering product shown in Figure 7f: (a) 
O; (b) Al; (c) Si; (d) Mo; (e) Ca; (f) Mg; (g) K; (h) S; (i) Fe. (750 °C, εK = 2%). 
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3. Discussion
3.1. Ammonia Leaching of Sintering Product

As mentioned above, the phase composition of the sintering product is very compli-
cated, as it not only includes various molybdenum oxides, but also unreacted MoS2 and
other impurities. To analyze the sintering product and illustrate the sintering mechanism
in detail, an ammonia leaching treatment is conducted. The treating process is described as
follows: first, a certain amount of sintering product is mixed with 20 mL ammonia solution,
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with a stirring time of 2 h; second, the mixed solution is filtered by a vacuum filter and
washed with deionized water and anhydrous ethanol several times; then, the leaching
residue is dried at 110 ◦C in a drying oven for 8 h; finally, the masses of the used sintering
product and obtained ammonia leaching residue are recorded, respectively. After that, the
leaching rate (defined as the ratio of the leached mass to the initial mass of used sintering
product) of the sintering product is calculated.

3.1.1. Influence of Roasting Temperature

Figure 11 shows the ammonia leaching rates of the sintering products obtained at
different roasting temperatures. From this figure, it can be found that the leaching rate
is gradually increased with the increase in roasting temperature at a value below 700 ◦C.
Specifically, when the roasting temperatures are 550 ◦C, 600 ◦C, 650 ◦C, and 700 ◦C, their
leaching rates are 79.57%, 88.58%, 91.59%, and 92.34%, respectively. On one hand, both
MoO3 and partial molybdates can be dissolved in ammonia solution; on the other hand, the
amount of MoO3 dominates in the sintering product according to the above XRD results,
so the value of the leaching rate may be considered as the amount of exiting MoO3 (in fact,
it is a litter bigger). That is, the higher the roasting temperature is, the larger the amount
of existing MoO3 will be. However, when the roasting temperature is increased to 750 ◦C,
the leaching rate is decreased to a value of only 66.58%. The XRD results in Figure 3f show
that the intensity of the MoO3 diffraction peak is extremely weak, which also indicates that
the amount of MoO3 in the sintering product obtained at 750 ◦C is relatively small. All in
all, the results of the ammonia leaching rates are consistent with the XRD results shown in
Figure 3.
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Figure 11. Results of the ammonia leaching rate of sintering product obtained at different roasting
temperatures.

3.1.2. Influence of K Content

Figure 12 shows the results of the ammonia leaching rates of the sintering products
obtained at different K contents. From this figure, it can be found that the ammonia leaching
rate is gradually decreased with the increase in K content. Specifically, when the K contents
are 0.14% (raw material), 0.5%, 2%, 5%, 7%, and 10%, the values are 93.96%, 93.65%, 91.59%,
91.13%, 90.33%, and 90.05%, respectively. The results also show that the amount of MoO3
in the sintering product is gradually decreased with the increasing K content. The reason
for this phenomenon may be due to the rapid formation of insoluble CaMoO4 between
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MoO3 and Ca containing impurities. Similarly, the current results agree well with the XRD
results shown in Figure 4.
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Figure 12. Results of the ammonia leaching rate of sintering products obtained at different K contents.

3.2. Phase Composition of Ammonia Leaching Residue
3.2.1. Influence of Roasting Temperature

Figure 13 shows the phase compositions of the ammonia leaching residues of sintering
products obtained at different roasting temperatures. At 550 ◦C, the XRD results show
that the intensity of the MoO2 diffraction peak is the strongest, indicating that MoO2 is the
main component of the ammonia leaching residue; in addition, small amounts of MoS2,
SiO2, and Mo4O11 are also included (see Figure 13a). When compared with the XRD result
in Figure 3b, it is found that the components of MoO3, K0.3MoO3, and K2Mo4O13 are
absent, which indicates that the three components are easily soluble in ammonia solution.
When the roasting temperature is 600 ◦C, the results show that MoO2 still has the largest
amount, and the components of MoS2, SiO2, and Mo4O11 still exist (see Figure 13b). The
only difference is that a lot of CaMoO4 appears at this temperature. However, the phase
of CaMoO4 is not detected in the sintering product according to Figure 3c; the reason for
this phenomenon may be due to its extremely low amount in the sintering product. The
above results also indicate that the ammonia leaching treatment could not only estimate
the content of phase that could be dissolved in ammonia solution, but could also enrich
and identify potential phases with present in relatively low amounts. When the roasting
temperature is 700 ◦C, the phase composition of the ammonia leaching residue is the
same as that obtained at 600 ◦C, while the main components are transformed into SiO2
and CaMoO4 instead, which can be clearly deduced from their strong diffraction peak
intensities (see Figure 13c). Further increasing the roasting temperature to 750 ◦C, both
SiO2 and CaMoO4 are still the main components, while the amount of CaMoO4 dominates
(see Figure 13d). In combination with Figure 3e,f, it can be observed that the phases of
K4SiO4 and CaSiO3 disappear, suggesting that both of them have a strong solubility in
ammonia solution.
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Figure 13. Phase composition of the ammonia leaching residue of sintering products obtained at
different roasting temperatures: (a) 550 ◦C; (b) 600 ◦C; (c) 700 ◦C; (d) 750 ◦C. K content: 2%.

3.2.2. Influence of K Content

To analyze the influence of K content on the phase composition of ammonia leaching
residue, the sintering products obtained at the K contents of 2%, 3.5%, 7%, and 10%
were selected as reference materials, and the corresponding XRD results are presented
in Figure 14. From the figure, it can be seen that the main phase compositions are SiO2,
CaMoO4, Mo4O11, and MoO2; among them, the amount of SiO2 dominates in the ammonia
leaching residue. In fact, partial MoS2 may also be present, although it is not detected
due to its relatively small amount. Combining Figures 13 and 14, it can be concluded
that roasting temperature has a more significant influence than K content on the phase
composition of the ammonia leaching residue: when the roasting temperatures are in the
range of 550–600 ◦C, 650–700 ◦C, and above 750 ◦C, the dominant phases in the ammonia
leaching residue are MoO2, SiO2, and CaMoO4, respectively.

3.3. Sintering Mechanism Analysis

During the oxidation roasting process of molybdenite concentrate, the higher the
roasting temperature is, the faster the formation rate of MoO3 will be; thus, there will also
be a higher content of MoO3 in sintering product. In addition, due to the strong exothermic
effect of the oxidation roasting process of molybdenite concentrate, at a higher roasting
temperature, more heat will be released, which may lead to a rapid increase in the local
reaction temperature. Once the temperature is higher than the melting point of MoO3
(795 ◦C) [26–28], the generated MoO3 will be melted. The liquid MoO3 can adsorb the
incompletely oxidized MoS2 and other solid impurity particles around it, resulting in the
occurrence of the sintering phenomenon. During the sintering process, the incompletely
oxidized MoS2 can react with MoO3 to form MoO2 (see Equation (6)) [29–31]. This is an
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important reason for the existence of MoO2 in the sintering product. Therefore, in order to
reduce the occurrence of the sintering phenomenon, the roasting temperature should not be
too high. However, if the roasting temperature is too low, the oxidation rate of molybdenite
concentrate will be greatly decreased and then a longer time is required for the completion
of the oxidation reaction; In addition, a low roasting temperature can easily lead to the
incomplete oxidation of MoS2, which will not only reduce the production efficiency, but
also increase the amount of residual sulfur in molybdenum calcine. Therefore, the roasting
temperature should also not be too low [32]. According to the results of the current work
and the practices in industrial production, this work believes that 650 ◦C is a good choice.

MoS2 + 6MoO3 = 7MoO2 + 2SO2 (6)
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Figure 14. Phase composition of the ammonia leaching residues of sintering products obtained at
different K contents: (a) 2% K; (b) 3.5% K; (c) 7% K; (d) 10% K. Roasting temperature: 650 ◦C.

K2CO3 is easily decomposed into potassium oxide in a high-temperature environment;
in this situation, the reactive activity of the newly formed potassium oxide is relatively
high, which will make it easy to react with MoO3 to form K2MoO4 during the oxidation
roasting process of molybdenite concentrate. The generated K2MoO4 may further react
with MoO3 again to form various eutectics, as can be supported by the binary phase
diagram between K2MoO4 and MoO3 see Figure 15 [19,20,33], which shows that the eu-
tectics such as K2Mo4O13 (3MoO3·K2MoO4), K2Mo3O10 (2MoO3·K2MoO4), and K2Mo2O7
(MoO3·K2MoO4) can be formed with the increase in K2MoO4). Figure 15 also shows that
when the contents of K2MoO4 are 21%, 28%, 48%, and 62%, the melting points of the
eutectics are 558 ◦C, 542 ◦C, 490 ◦C, and 480 ◦C, respectively. These temperatures are not
only lower than the melting point of MoO3, but also lower than the used experimental
temperatures. In other words, K2MoO4 can form a variety of low-melting-point eutectics
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with MoO3, and their melting points are gradually decreased with the increase in K2MoO4.
Once the above low-melting-point eutectics are formed, they will be rapidly melted within
the temperature range of this work. Obviously, their melting speeds are faster than that
of MoO3. After melting, the liquid low-melting-point eutectics are more likely to entrain
the solid particles (MoO2, SiO2, and MoS2, etc.) around them to form complex molten salt
mixtures, in which some reactions may occur to produce various silicates (such as K4SiO4
and CaSiO3) and molybdates (such as CaMoO4). Therefore, with the increase in K content,
the sintering phenomenon will become more and more serious.
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In our previous work [19], the influence of K content on the sintering behavior of
pure MoS2 during the oxidation roasting process was investigated, and the results showed
that the sintering degree was 0.6 under the conditions of 650 ◦C and 2% K. In the current
work, the sintering degree is 0.68 under the same temperature and K content conditions,
which is higher than the value reported in our previous work. Moreover, the sample mass
used in the previous work is 5 g, while that used in the current work is 1 g; that is to
say, the sample thickness used in our previous work was thicker than that used in the
current work under the same crucible conditions. When the used sample (molybdenite
concentrate) has the same thickness as our previous work, Bu’s work [20] found that the
sintering degree was up to 0.8 under the same temperature and K content conditions. The
results of the current and previous work once again conclude that sample thickness and
impurity elements have important influences on the occurrence of sintering phenomena. In
addition, the interactions between different impurities (such as Ca, Fe, Pb, Al, etc.) will also
occur, and thus a eutectic composed of three or four elements or even more may be formed.
This speculation can be confirmed by the images of the cross-section microstructures of
the sintering products shown in Figures 7–10. The melting point of the multicomponent
eutectic may be much lower than that of the binary system. In this case, they are easier to
melt, leading to the occurrence of sintering phenomena, which is another reason why the
sintering degree is higher when molybdenite concentrate is used as the raw material.

Due to the fact that both SiO2 and MoO3 are acidic oxides, no reactions between
them will occur during the sintering process. In addition, due to the insolubility of SiO2
in ammonia solution, the excess Si can exist in the form of SiO2 in both the sintering
product and the ammonia leaching residue. Ca impurities in the molybdenite concentrate
generally exist in the form of alkaline oxide or sulfide, and its sulfide will be oxidized into
an oxide during the process, so Ca impurities can combine with MoO3 to form CaMoO4,
which can remain in the ammonia leaching residue due to its insolubility in ammonia
solution. The XRD results in Figure 13d show that the relative amount of CaMoO4 is higher
under the high-temperature conditions, so it can be speculated that increasing the roasting
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temperature is conducive to the formation of CaMoO4. Even if Ca impurities have a certain
influence on the sintering behavior of molybdenite concentrate, as reported by [19,20],
when compared with K impurities, the degree of influence of Ca is negligible. In fact, it
is difficult for us to completely abolish the occurrence of sintering phenomena during the
industrial production process; however, decreasing the degree of sintering is still possible.
Herein, the work believes that decreasing the roasting temperature and the content of
elemental impurities, especially for K, are effective choices.

4. Materials and Experimental Procedure
4.1. Materials

Molybdenite concentrate from Jinduicheng Molybdenum Industry Co., Ltd., Xi’an,
China, was used as the raw material. The main elemental components of molybdenite are
Mo and S with respective contents of 54.89% and 33.27%. In addition, other impurities
components such as Pb (0.08%), Si (1.83%), Cu (0.07%), Ca (0.28%), Fe (1.12%), Al (0.19%),
K (0.14%), Ti (0.04%), C (0.17%), and P (0.01%) are also included. The XRD results show
that the raw material is mainly composed of MoS2, and the FESEM imaging shows that
it has a layered structure with a wide size distribution ranging from several microns to
100 µm [18].

To investigate the influence of K content on the sintering behavior, a small amount of
extra K was added into the raw material in the form of K2CO3. According to the content of
K, the mass of the added K2CO3 was calculated using the following Equation (7):

mK2CO3 =
MK2CO3

2MK
· mtotal · εK (7)

where mK2CO3 is the mass of added K2CO3, g; MK2CO3 is the relative molecular mass of
K2CO3, g/mol; MK is the relative atomic mass of element K, g/mol; mtotal is the total mass
of molybdenite concentrate and added K2CO3 (herein, its value is fixed to be 1 g); and εK is
the total content of element K, %.

Since the initial K content (0.14%) in molybdenite concentrate is lower than the XRD
detection limit, to explore the evolution behavior of K-containing compounds during the
roasting process, the K content must be enlarged. Moreover, a higher K content could lead
to a larger mass of the sintering product; in this case, weighing errors can be greatly reduced
and the sintering degree can be easily evaluated. Therefore, the K content was selected
from 1 to 10% in this work. Based on the different K contents, the masses of molybdenite
concentrate and added K2CO3 can be calculated, and the corresponding results are listed
in Table 1.

Table 1. The masses of used molybdenite concentrate and added K2CO3.

Total K Content, εK/% 0.14 0.5 1 2 3.5 5 7 10

Mass of molybdenite
concentrate/g 1 0.9936 0.9847 0.9670 0.9405 0.9138 0.8783 0.8251

Mass of added K2CO3/g 0 0.0064 0.0153 0.0330 0.0595 0.0862 0.1217 0.1749

Note: 0.14% is the initial K content in the raw material.

4.2. Experimental Procedure

In order to simulate the oxidation roasting process of molybdenite concentrate in
multiple-hearth furnace, muffle furnace was selected as the experimental equipment in the
work. In each of the experimental run, the mass of molybdenite concentrate and required
K2CO3 were first weighed according to Table 1, and then the mixture of them were put
into an agate mortar and grinded for 30 min; after that, the mixed sample was loaded
into an alumina crucible with the dimension of 50 mm × 20 mm × 20 mm, and then the
sample-containing crucible was put into the center of muffle furnace, the temperature of
which is aforehand raised to the desired value. When the sample was oxidized completely

165



Molecules 2024, 29, 5183

(herein, the roasting time was enough, about 3 h), taking out the reaction product and
cooling it to room temperature. The masses of the residual sample and the surface loose
sample were weighed, respectively. To explore the influence of roasting temperature on the
sintering behavior, the mixed sample with the K content of 2% was used as the reference
material, and the roasting temperatures were set as 550 ◦C, 600 ◦C, 650 ◦C, 700 ◦C, and
750 ◦C.

4.3. Characterization Methods

The phase composition of the sintering product was analyzed by X-ray diffraction
analyzer (XRD; XPert PRO MPD PANalytical; Netherlands; sweep speed: 10◦/min; op-
eration voltage: 30 kV; operation current: 30 mA). The morphological structure of the
sintering product was observed by field emission scanning electron microscope (FESEM;
Thermo Fisher, Waltham, MA, USA; FEI Corporation, Hillsboro, OR, USA; operation
voltage: 18 kV).

5. Conclusions

In this work, the influence of roasting temperature and K content on the sintering
behavior of molybdenite concentrate during the oxidation roasting process in an air atmo-
sphere was investigated. The following conclusions are drawn:

(1) When the roasting temperature is in the range of 550 ◦C to 700 ◦C, the mass loss of the
molybdenite concentrate, the mass of the sintering product, and the sintering degree
are all increased with the increase in roasting temperature. Meanwhile, when the
roasting temperature is above 750 ◦C, the mass of the sintering product is decreased
due to the intense sublimation effect of MoO3.

(2) With the increase in K content, the mass loss of molybdenite concentrate is increased
first and then gradually decreased. The maximum mass loss is reached at a K content
of 3.5% with a sintering degree close to 1. This work also found that the sintering
product mass is continuously increased with the increase in K content.

(3) The phase composition of sintering product has a certain relationship with the roasting
temperature and K content. In general, the sintering product not only contains a large
amount of MoO3, but also contains numerous unoxidized MoS2, molybdenum sub-
oxide, SiO2, and various molybdates; among these, most of the MoO3 and molybdates
can be removed after ammonia leaching treatment.

(4) The occurrence of the sintering phenomenon is due to the increase in local reaction
temperature and the formation of various low-melting-point eutectics. This work also
finds that decreasing the roasting temperature and K content, especially the K content,
are effective strategies to reduce the sintering degree of molybdenite concentrate
during the oxidation roasting process.
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Abstract: LiFePO4 is a cathode material for lithium (Li)-ion batteries known for its excellent perfor-
mance. However, compared with layered oxides and other ternary Li-ion battery materials, LiFePO4

cathode material exhibits low electronic conductivity due to its structural limitations. This limitation
significantly impacts the charge/discharge rates and practical applications of LiFePO4. This paper
reviews recent advancements in strategies aimed at enhancing the electronic conductivity of LiFePO4.
Efficient strategies with a sound theoretical basis, such as in-situ carbon coating, the establishment
of multi-dimensional conductive networks, and ion doping, are discussed. Theoretical frameworks
underlying the conductivity enhancement post-modification are summarized and analyzed. Finally,
future development trends and research directions in carbon coating and doping are anticipated.

Keywords: lithium iron phosphate; conductivity; carbon coating; doping

1. Introduction

Currently, the research and development of high-energy-density cathode materials is
a crucial focus within battery material science, with a parallel emphasis on battery safety.
Since its initial report in 1997, olivine-type LiFePO4 has emerged as a leading contender
in power battery and energy storage applications due to its exceptional thermal stability
and safety [1–4]. However, inherent structural limitations impede the free diffusion of
electrons and Li ions within the LiFePO4 olivine framework. Notably, Li-ion movement
along the c-axis is obstructed, restricting ions to a non-linear zigzag pathway along the
b-axis. Because of the structural limitations, LiFePO4 exhibits low electronic conductivity
and Li-ion diffusion coefficients, hampering its potential for achieving high energy density
and rapid charge–discharge performance [5–7]. A key strategy to enhance the electrochemi-
cal performance of LiFePO4 is carbon coating, which involves enveloping LiFePO4 particles
with a carbon layer and interconnecting them with a conductive carbon network. This ap-
proach significantly enhances the external conductive environment of the particles, thereby
enhancing the electrochemical performance of the material. Additionally, the presence of
carbon materials effectively inhibits the growth of particles, creating excellent conditions
for particle nanoization. Different from surface coating, ion doping involves introducing
metal or non-metal ions into various positions within the LiFePO4 structure to reduce band
gap width, generate lattice defects, change semiconductor properties, broaden ion transport
pathways, add ionic conductive materials, construct defects in carbon layers, etc. [8–14].
Thus, this review highlights recent advancements in enhancing the conductivity of LiFePO4
materials, encompassing strategies such as in situ carbon coating, the establishment of
multi-dimensional conductive networks, and ion doping.

2. The Effectiveness of Modification and Ion Doping

In the stable internal spatial structure of lithium iron phosphate, electrons and lithium
ions are difficult to diffuse and shuttle freely, the movement of ions in the c-axis direction
is hindered, and they can only perform a non-linear sawtooth-like shuttle motion in
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the b-axis direction [1]. Furthermore, relevant theoretical calculations have shown that
lithium iron phosphate is a semiconductor with low electronic conductivity [12]. The above
shortcomings completely limit the large-scale application of lithium iron phosphate, and
are also the theoretical basis for surface modification and internal doping of lithium iron
phosphate. In power batteries and energy storage devices, it is also necessary to consider the
kinetic characteristics and thermodynamic stability of the particle transport process [15–17].
Through thermodynamic and kinetic simulation analysis, materials can be purposefully
designed. The strategy for modifying and doping materials requires the selection of
efficient and effective implementation methods and characterization methods. Compared
to traditional simple physical mixed calcination carbon coating, in situ nanoparticle growth
carbon coating, the construction of a multi-dimensional conductive system, and ion doping
will be emphasized in this review.

2.1. Strategy for Surface Modification
2.1.1. In Situ Carbon Coating

Carbon coating involves applying a layer of carbon material with excellent electrical
conductivity onto the surface of LiFePO4 particles using various methods. This enhances
the electronic conductivity between particles and stabilizes the coated cathode material
during electrolyte and electrochemical reactions [18,19]. The carbon sources utilized include
organic and inorganic carbon materials, carbon fibers, and carbon nanomaterials [20–24].
In addition to improving the electron conductivity, a uniform carbon layer on nanoparticles
prevents uneven conduction due to material agglomeration.

The in-situ carbon coating method yields superior coating results by significantly
enhancing particle-to-collector fluid contact, thus improving electron conductivity. The
introduction of the carbon source before particle formation prevents particle growth during
high-temperature sintering, controlling particle size and enhancing material electrochemical
activity [25]. In situ carbon coating can be understood as two aspects: (1) the in-situ growth
of LiFePO4 particles on the surface of carbon materials (such as graphene and carbon
nanotubes) [26,27]; (2) the in-situ growth of carbon-containing materials on the surface of
LiFePO4 [21]. Regardless of the selection of raw materials, the purpose of in situ coating is
to achieve chemical bonding between carbon and LiFePO4, achieving good conductivity.

Graphene is a typical graphite carbon structure material which has a regular layered
carbon structure and can construct an excellent 2D conductive carbon network and elastic
structure [28]. The distinctive two-dimensional configuration, irregular surface topography,
impurities from different atoms, enhanced contact between the electrode and the electrolyte,
augmented spacing between layers, and heightened electrical conductivity all contribute to
swift surface lithium-ion absorption and extremely rapid lithium-ion diffusion along with
electron transfer [29,30].

Yang [26] studied an in-situ growth method, growing LiFePO4 nanoparticles on
monolayer graphene with excellent dispersion (Figure 1a). Monolayer graphene provides a
high-quality three-dimensional (3D) conductive network, enabling each LiFePO4 particle
to attach to the conductive layer (Figure 1a). This method substantially improves material
electrical conductivity, leading to enhanced electrochemical properties. The initial discharge
capacity reached 166.2 mAh g−1 (98% of theoretical value).

Xu [31] studied the in-situ coating of zeolite-imidazole ZIF-8 on commercial LiFePO4
material with a thickness of ~10 nm. The study analyzed coating structure and metal
zinc (Zn) distribution on the LiFePO4 (LFP) surface (Figure 1b). Nucleation and crystal
growth of ZIF-8 nanoparticles on LiFePO4 surfaces were followed by new graphite-like car-
bon appearance and generation post-calcination. The results indicated that the LFP/CZIF-8
material exhibited a heterogeneous electrical conductivity mechanism, and the graphitic
carbon in the material exhibited exceptional electrical conductivity because of the ordered
sp2 carbon and free electrons (yellow sphere, FE I in Figure 2). An optimal carbon coating
material should maximize free electrons, facilitating inter-regional electron flow to enhance
electrochemical material properties.
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Figure 2. Mechanism of conductivity improvement. FE I represents free electron in graphite; FE II is
free electron in metal zinc [31]. Reprinted from [31].

The carbon coating process represents material surface modification. The carbon layer
serves as an interface between the cathode material and electrolyte, facilitating electron
and Li-ion transfer crucial to material performance. The binding force between C and
LiFePO4 and the mechanism of enhanced conductivity have become a focus of attention
after carbon coating.

Recent studies have elucidated how defective graphene oxide (GO) coating enhanced
LiFePO4 conductivity through theoretical calculations. Chen [32] investigated the electronic
structure of GO parallel to the LiFePO4 surface using first-principles density functional
theory calculations within the DFT+U framework. The results indicated that the emergence
of bands in gap states originated from graphene coating. Furthermore, GO was attached
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to LiFePO4 (010) through C-O and Fe-O bonds, instead of the attraction of van der Waals
forces. The chemical bonds (Fe-O-C) are shown in Figure 3. Thus, the LFP/GO interface
facilitated the electronic conductivity of the interface.
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The electronic energy band calculations (Figure 4) indicate increased density in valence
and conduction bands owing to GO interaction with LiFePO4 (010), indicating Fe-O-C bond
existence. This review elucidates the principle and advantages of in situ carbon coating,
enhancing the surface conductivity of LiFePO4 materials, and offering theoretical support
for carbon coating modification of other similar materials.
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Graphite carbon has excellent electrical conductivity, which is why researchers choose
this type of material for carbon coating. In addition to graphene, other carbon materials
can also be processed to achieve graphite carbon, and their conductivity can be optimized
through improvements in the manufacturing process. Apart from graphene, other carbon
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materials can also be processed to obtain graphite carbon, and their electrical conductivity
can be maximized through advancements in the manufacturing process. Raman analysis
can be used to detect the degree of graphitization of the carbon layer coated on the surface
of materials. The use of this technique makes the design of materials more superior [33,34].

In summary, the in-situ carbon coating strategy is an excellent method for enhancing
the surface and conductivity of materials. However, before implementing carbon coating, a
detailed analysis and explanation of the conductive mechanism should be conducted to
enhance coating material design and structural optimization. In situ carbon coating holds
promise for modifying surface conductivity in other insulators or semiconductor materials,
achieving dual electronic conduction and material application effects.

2.1.2. Surface Carbon Layer Doping and LiFePO4 Modification

In research on some non-in situ carbon coating processes, researchers have devoted
considerable effort to doping the carbon layer with non-metal atoms. The main non-
metal elements used and their primary functions in carbon layer doping are listed in
Table 1 below.

Table 1. Elements used to dope the carbon layer and their primary functions.

Materials Doped
Atoms Functions Discharge

Capacity (High Rate)
Conductivity/
×10−2 S cm−1 Ref.

Egg white (1 mL) N
offer superior electronic

transportation between LiFePO4
active particles

120 mAh g−1

(LFP/C+N at 5 C)
113 mAh g−1

(LFP/C at 5 C)

[35,36]

Polyvinylidene
fluoride (5% wt) F play a vital role in the improvement

of electron transfer kinetics

121.5 mAh g−1

(LFP@FC-II at 10 C)
approaching 120.0 mAh g−1

(LFP at 0.1 C)

[37]

Sulfur-doped
graphene sheet S

promote the transportation of
electrons and Li-ions; prevent

volume change during the Li+ inter-
calation/deintercalation procedure

130.5 mAh g−1

(LiFePO4@C/S-doped
graphene at 10 C)

116.5 mAh g−1

LiFePO4@C

[38,39]

Oxalic acid and
benzyl disulfide S promote the electronic conductivity

and defect level of the carbon

137 mAh g−1

(LiFePO4/SC at 5 C)
128.5 mAh g−1

(LiFePO4/C at 5 C)

[40]

Triphenylphosphine
(0.2 g mL−1 was
mixed with 4 g

LiFePO4/C)

P benefit the graphitization of the
carbon; decrease transfer resistance

124.0 mAh g−1

(LFP/C-P3 at 20 C)
105.4 mAh g−1

(LFP/C at 20 C)

[41]

Melamine, boric acid N+B

electron-type and the hole-type
carriers donated by nitrogen and

boron atoms generate the
synergistic effect to greatly elevate

the high-rate capacity

121.6 mAh g−1

(LFP/C-N+B at 20 C)
101.1 mAh g−1

(LFP/C at 20 C)

13.6 (LFP/C-
N+B)

2.56 (LFP/C)
[42]

Methionine S+N good ionic and
electronic conductivities

103 mAh g−1

(NSC@LFP at 2 C)
63 mAh g−1

(pristine LFP at 2 C)

[43]

It was reported that additional electrons contributed by the N atom can provide
electron carriers for the conduction band, which can contribute to the electrical conductivity
of the material by introducing N into the carbon structures [35,36]. The F atom has a
higher electronegativity than other anions, and F doping will accelerate the decrease in the
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interfacial resistance of the battery [37]. Coating lithium iron phosphate with sulfur-doped
graphene nanosheets can create an electronic conductive network and can also promote
the transportation of electrons and Li-ions [38–40]. Phosphorus-doped carbon layers can
decrease transfer resistance and are good at the graphitization of the carbon [41]. The
multi-element doping of carbon layers can achieve higher electronic conductivity and
lower migration activation energy [42]. The main function of carbon coating and carbon
layer doping is to enhance the electronic conductivity of the material. Investigations have
demonstrated that the application of electrochemically active electron-conducting polymer
coatings on LiFePO4 particles could potentially replicate the roles of carbon coatings, while
also being applicable under less stringent conditions and offering the extra benefit of
improved ionic conductivity within the active material [44,45].

Data from Table 1 demonstrate that the electrochemical performance and electronic
conductivity of lithium iron phosphate (LFP) materials are significantly enhanced after
doping the carbon layer with certain non-metal elements. By doping the carbon layer with
heteroatoms such as nitrogen (N), sulfur (S), and boron (B), the conductivity of the carbon
layer can be increased. For example, nitrogen doping can introduce additional electrons,
thereby enhancing the electronic conductivity of the carbon layer. On the other hand, non-
metal elements can assist in forming a conductive network within the carbon layer: doping
with heteroatoms can promote the formation of a more comprehensive conductive network,
thereby increasing the electron transfer rate of the electrode material. Furthermore, doping
the carbon layer can improve the ion diffusion pathways: doping with heteroatoms can
alter the surface structure of the material, providing lithium ions with shorter diffusion
paths and thus enhancing the migration rate of ions. For instance, co-doping the carbon
layer with nitrogen and boron can greatly enhance the electrochemical performance: at
a rate of 20 C, the co-doped sample can increase the discharge capacity of LFP/C from
101.1 mAh g−1 to 121.6 mAh g−1 [42].

2.1.3. Ion Conductive Materials

Charging and discharging reactions of a battery are the result of the combined mi-
gration of ions and electrons. Especially during high-current charging and discharging,
it is necessary to consider both the transport of electrons and the migration of ions. If
the combined effects of both can be taken into account comprehensively, it will greatly
enhance the electrochemical performance of the material. The main ways to improve the
electrical conductivity include coating and modification with conductive carbon materials
on the surface and doping with ions inside the material. To increase the migration rate of
lithium ions, it is common to reduce the particle size of the material and construct special
structures [46,47].

The ion conductive materials can enhance the electrochemical performances of LiFePO4
because of their high ionic conductivity and lithium ionic storage ability. Typically,
graphene is often regarded as an excellent electronic conductor which can significantly
enhance the electronic conductivity on the surface of LiFePO4. Most layered structures of
graphene without defects would hinder the transition of Li+ [48]. The enhancement of ionic
conductivity requires more attention. Incorporating GO (graphene oxide) contributes to the
preservation of material stability and the augmentation of lithium ion diffusion coefficients
since the lithium ions have lower insertion and extraction potentials along the [010] facet in
LiFePO4 [32,49]. After being coated with graphene or GO, the average Fe-O bonds on the
LiFePO4 (010) surface underwent significant changes, which led to the expansion of the Li+

channel, facilitating the insertion and extraction of migrating Li+. In addition to the lithium
ions provided by LiFePO4 itself, incorporating lithium-ion conductive materials into the
material can provide additional support for the intercalation and deintercalation of lithium
ions, which will greatly enhance the material’s rate performance and cycling performance.
Some ion conducting materials have a special three-dimensional structure that can facilitate
rapid diffusion of Li+ [50]. Chien [51] designed a LiFePO4/Li3V2(PO4)3/C composite
cathode material to help enhance the diffusion properties of lithium ions. Essentially, the
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enhancement of ionic conductivity of coated materials is contingent upon their unique
post-modification structures. Materials that facilitate lithium-ion conduction possess both
high ionic conductivity and lithium-ion storage capability, thereby significantly boosting
the ionic conductivity of LiFePO4.

2.2. Strategy for Building a Multi-Dimensional Conductive Network

Nanoparticles of LiFePO4 are expected to be used as the cathode material of high-
performance lithium-ion batteries [52]. The design and preparation of nanocomposites
can effectively improve the low thermal stability and multiple surface side reactions of
nanoparticles [53]. The design and the construction of conductive network structures
have been the main focus of research in recent years [27,54–60]. Constructing a multi-
dimensional conductive network is one of the effective means to enhance the electronic
conductivity of LiFePO4. The construction of conductive networks generally uses one-
dimensional materials [27] and two-dimensional materials [61] to provide a conductive
skeleton in combination with two-dimensional methods. LiFePO4 is then used to gradually
fill the surface and interior of the skeleton, achieving multi-dimensional conductive effects.
A typical multi-dimensional conductive network is shown on Table 1. The main network
structure could include a porous structure [54], a hierarchically porous structure [59], a
highly meso-porous structure [60], a 3D conducting network [56], a distinctive loose and
scaffolded structure [27], etc.

Typical conductive network images are shown in Table 2.

Table 2. Characteristic, function, and network structure of multi-dimensional conductive network.

Chemical
Formula Network Structure Characteristic/

Function
Electrical

Conductivity
Discharge

Capacity (High Rate) Ref.

C@LFP/CNTs
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hts the ability of 

multi-dimensional 

conductive fillers 

to realize 

simultaneously 
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electrochemical 

and mechanical 

properties 
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Data from Table 2 clearly indicate that the construction of a 3D conductive network 

significantly  enhances  the  electrical  conductivity  and  high-rate  discharge  capacity  of 

lithium  iron  phosphate  (LFP) materials.  The  excellent  electrochemical  performance  is 

attributed to the following factors: (i) increased contact between particles, enhancing the 

efficiency of electron transport within the material; (ii) providing a larger surface area for 

electrochemical reactions; (iii) allowing more lithium ions to participate in the charging 

and discharging process. The following text provides a more detailed narrative. 

Wu [63] designed a new LiFePO4 nanoparticle, which exhibited two types of carbon 

complexes, including amorphous carbon coating and a graphitized conductive structure 

3D conducting
networks/faster electron

transfer and lower
resistance during

the Li-ions’
reversible reaction

50.17 Ω
(Rct values for
LFP-CNT-G)

103.93 Ω
(Rct values for

LFP-CNT)

115.8 mAh g−1

(LFP-CNT-G at 20 C)
99.4 mAh g−1

(LFP-CNT at 20 C)

[58]
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Table 2. Cont.

Chemical
Formula Network Structure Characteristic/

Function
Electrical

Conductivity
Discharge

Capacity (High Rate) Ref.
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and discharging process. The following text provides a more detailed narrative. 
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complexes, including amorphous carbon coating and a graphitized conductive structure 

Hierarchically porous
structure and

“dot-to-surface”
conductive network/fast
ion and electron transfer

for redox reactions
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(Rct values for

LFP@C/MX-3.0)
93.32 Ω

(Rct values for
LFP@C)

140.3 mA h·g−1
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(LFP@C at 20 C)

[59]
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complexes, including amorphous carbon coating and a graphitized conductive structure 

Highly meso-porous
structure/good electronic

conductivity and high
electrolyte permeability

25 Ω
(Rct values for

LiFePO4/R-GO)
50 Ω

(Rct values for
LiFePO4)

135 mAh g−1

(LiFePO4/R-GO at 5 C)
[60]
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3-dimensional
MXene-Carbon

nanotubes-Cellulose-
LiFePO4

(3D-MCC-LFP)/faster
electronic/ionic transport

26.6 Ω
(Rct values for

3D-MCC-LFP10)
32.2 Ω

(Rct values for
Con-LFP10)

159.5 mAh g−1

(3D-MCC-LFP120 at
1 mA cm−2)

[61]
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1D single-walled
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(CNTs)/bound together
using 2D
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the ability of
multi-dimensional
conductive fillers

to realize
simultaneously superior

electrochemical and
mechanical properties
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(Rct values for

LFP/CNT/Ti3C2Tx)
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LFP/Ti3C2Tx)

[62]

Data from Table 2 clearly indicate that the construction of a 3D conductive network
significantly enhances the electrical conductivity and high-rate discharge capacity of lithium
iron phosphate (LFP) materials. The excellent electrochemical performance is attributed to
the following factors: (i) increased contact between particles, enhancing the efficiency of
electron transport within the material; (ii) providing a larger surface area for electrochemical
reactions; (iii) allowing more lithium ions to participate in the charging and discharging
process. The following text provides a more detailed narrative.

Wu [63] designed a new LiFePO4 nanoparticle, which exhibited two types of carbon
complexes, including amorphous carbon coating and a graphitized conductive structure
(Figure 5). Furthermore, compared with the original LFP@C and LFP/CNT coatings, the
initial carbon layer evenly coated all nanoscale LiFePO4 particles due to the synergistic
effect of amorphous carbon. This stabilized the interface of LiFePO4 nanoparticles, thereby
enhancing electrical conductivity and Li diffusion.

Dong and colleagues [61] designed a 3D-MCC-LFP material with a high load rate,
exceptional mechanical properties, and excellent electrical conductivity using an assembly
method (Figure 6). In this structure, 2D MXene served as a key component, providing
sites for LiFePO4 particle loading, connecting materials, and facilitating simultaneous
electron and ion transport. One-dimensional carbon nanotubes served as conductive
agents, enabling full interconnectivity of the scaffold and thereby enhancing electronic
conductivity. One-dimensional cellulose served as a reinforcing filler, preserving the
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mechanical properties and structural integrity of 3D-MCC-LFP while accommodating a
large amount of LiFePO4 material.
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Figure 5. (a,c) HRTEM images and (b) a schematic illustration of the prepared LFP@C/CNT nanocom-
posite. (d) The corresponding FFT of the HRTEM in (c) [63]. Reprinted from [63].

The author employed SnO2-NF as the negative electrode material to test the perfor-
mance of the assembled battery, and due to its excellent conductivity and high loading
capacity of LiFePO4, the electrochemical properties of 3D-MCC-LFP materials surpassed
those prepared using traditional methods.

Similarly, Checko [62] designed a new multi-dimensional network to enhance local
electrical transport across the LiFePO4 surface (Figure 7). This structure is consistent with
single-walled carbon nanotubes (1D) and MXene nanosheet (2D) bound together. The CNTs
facilitated local electron transport across the LiFePO4 surface, while Ti3C2Tx nanosheets
provided conductive pathways through the bulk of the electrode. The electrochemical char-
acterization supported by numerical simulation verified the charge transfer characteristics
of this multi-dimensional conductive network.
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Contrastingly, Luo [64] exploited N-doped graphene (NG)-modified LiFePO4 material
with a 3D conductive network structure for Li-ion batteries. In this structure, NG effectively
coated and connected LiFePO4 particles, and N doping reduced electrode polarization,
enhancing electrochemical reaction reversibility. The special structure constructed with NG
provided faster and more efficient 3D transport channels for Li+ and electrons.

The construction of a multi-dimensional conductive network is an efficient approach
for rapid transmission on and between particle surfaces. The dual connected channel com-
posed of a solid phase network channel and an internal cavity channel with a conductive
network structure achieves rapid electron and ion transport, and also ensures uniform
contact between the electrolyte and the positive electrode, thereby forming a good interface.
The porous structure can achieve effective infiltration of electrolytes, which is beneficial
for improving the lithium diffusion rate and reaction kinetics. However, critical factors to
consider include the mechanical stability of the structure, electronic transmission efficiency,
and compatibility between the conductive network and the material interface.

In addition to intrinsic material properties, achieving excellent carbon coating is
essential to fully utilize electrochemical performance. A uniform and effective carbon
skeleton conductive network should form between particles, emphasizing molecular-
level mixing of carbon skeleton and LiFePO4. Conventional physical coating methods
with simple processes and low costs may struggle to achieve accurate carbon coating
requirements. Therefore, they have become a prospective technology to study new carbon
coating methods with controlled nano-growth mechanisms.

2.3. Strategy for Ion Doping

The purpose of in situ carbon coating and the construction of a multi-dimensional
conductive network on particle surfaces is to enhance electrical conductivity both within
and between particles, representing a physical modification of battery materials. However,
ion doping constitutes a chemical modification aimed at enhancing intrinsic electrical
conductivity [65,66]. Specific doping locations include iron (Fe), phosphorus (P), and Li
sites, among which Fe-site doping is the most prevalent [66–71]. Additionally, various
doping elements have been studied, including manganese (Mn), nickel (Ni), niobium (Nb),
magnesium (Mg), cobalt (Co), vanadium (V), and others [72–77]. However, Fe-site doping
serves a dual purpose. First, it narrows the band gap between the conduction and valence
bands of semiconductor material (LiFePO4), thereby increasing material conductivity.
Second, ion doping induces Li or Fe vacancies, forming charge compensation defects, and
the conductivity of electrons is enhanced. Zhang [78] studied the electronic properties of
LiFePO4 doped with Mn, Co, Nb, Mo, and other elements using first-principles calculations.
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The results (Figure 8) indicated reduced band gaps with the doping of these elements,
facilitating electron transitions. Notably, Co and Nb doping exhibited obvious enhancement
effects. Moreover, studies have shown that doped materials inhibit microcracks, prevent
electrode polarization, and enhance overall material performance. Furthermore, doping
with Mn, Nb, Mo, and Co also enhances the mechanical stability of LiFePO4, altering
parameters such as material structure, M-O (metal–oxygen) bond energy, and band gap
width, thereby enhancing both electrical and mechanical properties.
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Dou [12] examined the electronic structure of LiFexMn1−xPO4 doped with different
Mn contents using first-principles density functional methods. The study found that
LiFe0.75Mn0.25PO4 exhibited the smallest bandgap width with a Mn doping amount of
x = 0.25. This was attributable to the Fe3d electron contributions dominating the density of
states (DOS) near the Fermi plane of LiFePO4, while Mn3d electrons become predominant
upon Mn incorporation, increasing the DOS near the Fermi level in LiFe0.75Mn0.25O2 and
enhancing material conductivity. Conversely, introducing Mn lengthened Fe-O bonds
and weakened Fe-O bond energy, widening Li-ion migration channels and facilitating
ion diffusion.

Ban et al. [79] studied the co-doping of “donor-acceptor” charge compensation, com-
bining theoretical calculations with experiments to significantly enhance material rate
performance. It was observed that P and O sites co-doped with silicon (Si) and fluo-
rine (F) altered the conduction band edge of LiFePO4, enhancing material conductivity by
at least two to three orders of magnitude compared with pre-doping levels. This approach
facilitated the positive magnification performance of LiFePO4.

In addition to theoretical studies, replacing and occupying the spatial structure of an
element in LiFePO4 using doping elements to create lattice defects broadens ion transport
channels, enhancing material intrinsic conductivity. Marnix [80] studied the doping of
hypervalent ions in LiFePO4, observing that the ions that occupied Li positions maintained
a positive bivalent state in Fe, thus contributing to improved material conductivity.

Recently, the doping of rare earth elements into positive electrode materials has also
been widely studied [81,82]. The ionic radius of rare earth elements is larger than that of
transition metal elements, resulting in an increased material cell volume and a reduced
band gap after doping with rare earth elements. This increase in mobility and carrier
concentration significantly enhances the electrical conductivity of the final material [83,84].
Studies have shown that doping Li-ion phosphate with rare earth element ions such as
erbium (Er3+), yttrium (Y3+), and Nd3+ leads to Fe replacement by rare earth ions, resulting
in increase in material conductivity of four orders of magnitude. This occurred because the
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electron-deficient rare earth element ions created holes that readily exited full electrons to
the hole level, transforming the material from a N-type to a P-type semiconductor [85,86].
Qiu Peng [87] studied the effects of lanthanum (La), Nd, and Y doping on the structure and
electrochemical properties of LiFePO4. The results indicated increased cell parameters and
volume, smaller particle size, and uniform, tightly bonded pores in the doped material. In
comparison with pure Li–Fe phosphate, the electrical conductivity of the doped material
increased by four orders of magnitude, owing to enhanced Li-ion diffusion facilitated by
the small particle size and internal lattice defects created by the doped elements. Studies
have shown that rare earth element-doped materials exhibit smaller particle sizes [88–93].

Notably, enhancing the diffusion performance of Li-ions is also an important pur-
pose of doping, and its double effect was achieved through the co-doping method [94,95].
Wang [96] successfully synthesized Y-F co-doped LiFePO4/C material using a high-temperature
solid-phase method. The introduction of F enhanced the electron-cloud rearrangement of
PO4

3−, significantly enhancing conductivity. Simultaneously, Y was introduced into Li+

vacancy, reducing spatial resistance to Li-ion diffusion and comprehensively enhancing
material ionic conductivity. Additionally, X-ray diffraction analysis results revealed weak-
ened Li-O bonds and widened Li-ion diffusion tunnels due to Y-F doping, leading to Li-ion
diffusion rates. As a result, the material exhibited excellent electrochemical properties,
that is, its specific discharge capacity reached a 179.3 mAh·g−1 capacity at a 0.1 C current
density and a 135.5 mAh·g−1 capacity at 10 C.

The doping method theoretically optimized the structure of the crystal, and the con-
ductivity of the material was fundamentally improved. However, the mechanism by which
doping changes the electrochemical properties of materials remains unclear. The electronic
conduction within the crystal of the material was very complicated, and whether the doped
element fulfilled its designed role remains uncertain, with assessments largely based on
macro-level performance. The particle size reduction following rare earth element doping
lacks detailed analysis, indicating a partial absence of a relevant theoretical basis. Therefore,
careful selection of doping elements and the acquisition of necessary theoretical support
are essential prerequisites for material doping research.

3. New Carbon Coating Technologies and LiFePO4 Batteries

Some new carbon coating technologies are rapidly developing which not only ap-
ply to lithium iron phosphate materials but also provide new ideas for surface coating
modification of other materials with poor conductivity.

Flash Joule heating (FJH): Using an ex situ carbon coating method, the precursor could
rapidly decompose through flash Joule heating (FJH) technology. By depositing carbon
heteroatom materials within a limited space in just 10 s, a uniform amorphous carbon layer
can be obtained on LFP; at the same time, different heteroatoms can be introduced into the
surface carbon layer. Solvent-free, versatile cathode surface modification is the highlight
of this technology [97]. Supercritical CO2-enhanced surface modification: Employing
supercritical CO2 (SCCO2) for a proficient ex situ carbon coating method on lithium iron
phosphate (LFP) results in a superior carbon coating layer with a higher graphite carbon
content and reduced oxygen-derived functional groups, significantly improving electron
transfer efficiency [98]. Spray coating technology: Using spray coating technology to
produce LiFePO4-coated carbon fiber (CF) as a structural battery cathode component can
yield substantial electrochemical performance for the battery. The use of spray coating
technology stands out as an innovative method for manufacturing electrodes in structural
batteries, highlighting its capacity to enhance the efficiency of multifunctional energy
storage systems [22]. Ultrafast nonequilibrium high-temperature shock technology: This
technology introduces Li-Fe anti-site defects and controllable tensile strain into the LiFePO4
lattice. This design allows for research on the impact of strain fields on performance to
extend from theoretical calculations to experimental perspectives [99]. Recycling and reuse
technology for spent LiFePO4: This is a direct regeneration of LiFePO4 based on a doping
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strategy, a highly efficient additive for direct reactivation of waste LiFePO4, prilling, and a
cocoating collaborative strategy [100–102].

4. Conclusions

The carbon layer structure significantly affects the conductivity of LiFePO4. To achieve
optimal electrochemical performance, it is necessary to incorporate highly graphitized
carbon (sp2 hybrid state) to enhance its conductivity. However, traditional organic or
inorganic carbon struggles to achieve a high degree of graphitization at sintering tem-
peratures of 500–800 ◦C. Therefore, while in situ growth of LiFePO4 on a single layer
of graphene proves promising, the development and adoption of this technology must
overcome challenges related to cost and synthesis methods. Furthermore, the quest for new
carbon materials with enhanced graphitization remains imperative. Additionally, modi-
fying crystal structures through cationic or anionic doping offers optimization potential.
However, the mechanisms and effects of doping reactions on material properties require
more comprehensive investigation. The analysis of substitution sites and doping quantities
necessitates refined proof methods. Finally, future efforts concerning LiFePO4 and other
types of cathode (anode) materials with poor conductivity must be focused on achieving
high energy and vibration densities alongside stable cycling, excellent rate performance,
and low-temperature capabilities. This trajectory underscores the imperative for ongoing
advancements in material science and electrochemistry.
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