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Effect of Thickness on Ferroelectric Properties of
Bi3.25La0.75Ti3O12 Thin Films
Wenfeng Yue 1, Yali Cai 2, Quansheng Guo 2, Dawei Wang 1,* and Tingting Jia 2,*

1 School of Instrumentation Science and Engineering, Harbin Institute of Technology, Harbin 150001, China
2 School of Materials Science and Engineering, Hubei University, Wuhan 430062, China
* Correspondence: wangdawei102@gmail.com (D.W.); jia.tingting@hubu.edu.cn (T.J.)

Abstract: The pursuit of low-power/low-voltage operation in devices has prompted a keen interest in
the mesoscale effects within ferroelectric thin films. The downsizing of ferroelectrics can significantly
influence performance; for instance, the remanent polarization and coercive field are susceptible to
alterations based on thickness. In this study, randomly oriented Bi3.25La0.75Ti3O12 thin films were
fabricated on Pt/Ti/SiO2/Si substrates using the sol–gel method, and SEM observations revealed
rod-like grains in all thin films. The investigation delved into the correlation between dielectric
and ferroelectric properties with thin film thickness. The thin film exhibited an increased remanent
polarization and a reduced coercive electric field. Additionally, the ferroelectric domain structure
was scrutinized through PFM, and the resistor properties of the BLT4 thin film were studied, which
shows the potential of BLT thin films in non-volatile memory and memristor.

Keywords: ferroelectric; Bi3.25La0.75Ti3O12; thickness; thin films

1. Introduction

Ferroelectric thin films exhibit diverse properties, such as ferroelectricity, piezoelec-
tricity, dielectricity, pyroelectricity, and photoelectric effects, rendering them suitable for
various applications including ferroelectric memory, piezoelectric drivers, infrared detec-
tors, and optoelectronic devices [1–5]. Traditional ferroelectric materials, predominantly
lead-based compounds, are exemplified by the widely used lead zirconate titanate (PZT)
in commercial applications due to their robust ferroelectric and piezoelectric character-
istics [6,7]. However, the environmental and health concerns arising from the volatiliza-
tion of lead in lead-based materials necessitate the exploration of lead-free alternatives.
Bismuth-based titanate and bismuth ferrite emerge as promising candidates for lead-free
piezoelectric materials. Notably, bismuth titanate (Bi4Ti3O12, BIT) exhibits favorable prop-
erties, including a small coercive field, a low leakage current density, excellent fatigue
resistance, and applicability in non-volatile memory [8–10].

BIT, classified as a typical three-layer bismuth layered ferroelectric (BLSF) material,
consists of a bismuth oxide layer (Bi2O3)2+ and a perovskite-like layer (An−1BnO3n+1)2−

along the c-axis direction [11,12]. Characterized by strong anisotropy, BIT demonstrates
spontaneous polarization of approximately 50 µC/cm2 along the a-axis and 4 µC/cm2

along the c-axis. Additionally, it features a low film deposition temperature and a high
Curie temperature (Tc = 675 ◦C) [13,14]. Despite its favorable properties, BIT faces chal-
lenges such as instability in the oxidation state of Ti ions and volatility in Bi ions during
the sintering process. These issues lead to defects, resulting in a high leakage current
and domain pinning, thereby affecting its practical applications [9,15]. To enhance its
ferroelectric properties, researchers have explored the substitution of Bi3+ ions in the
perovskite-like layer (Bi2Ti3O12)2+ with trivalent rare-earth ions such as Pr3+, Nd3+, Sm3+,
Eu3+, and La3+ [1,16–19]. In 1999, Park et al. reported a ferroelectric thin film of La-doped
BIT, Bi3.25La0.75Ti3O12 (BLT) [11]. Wu et al. demonstrated that the application of tensile or
compressive stress on the surface of BLT thin films in the high-field region (>75 kV/cm)

Ceramics 2024, 7, 29–38. https://doi.org/10.3390/ceramics7010003 https://www.mdpi.com/journal/ceramics1
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effectively mitigates the leakage current [20]. Furthermore, substituting high-valent cations
for Ti4+ at the B site proves instrumental in eliminating oxygen vacancy defects, thereby
enhancing remanent polarization and reducing the leakage current. BIT thin films co-doped
with Sm and Ta, denoted as BSTTO, exhibited markedly improved ferroelectric properties,
boasting a higher remanent polarization (2Pr = 46.2 µC/cm2) compared to BIT thin films
(2Pr = 26 µC/cm2) [21]. Various techniques, including pulsed laser deposition (PLD) [22],
magnetron sputtering (MS) [23], metal–organic chemical vapor deposition (MOCVD) [24],
and the sol–gel method [25], have been employed for the preparation of BLT ferroelec-
tric thin films. Among these, the sol–gel process stands out for its cost-effectiveness,
facile stoichiometry control, and uniform deposition over large areas, making it versatile
for widespread applications. Notably, factors such as the precursor solution, annealing
conditions, film thickness, and substrate properties exert substantial influence on film
orientation [25–27]. Optimal film layer thicknesses of 30, 50, and 100 nm corresponded to
preferentially oriented thin films with (001), (100), and (117) orientations, respectively [28].
By adjusting the grain size of BLT through annealing temperature modulation, Yang et al.
achieved a higher energy storage density, rendering BLT ferroelectric thin films suitable
for high-energy-density storage devices, thereby expanding their application scope [29].
In addition, information storage technology stands as one of the most rapidly advancing
fields within the realm of integrated circuits. Among its components, memory stands
as the pivotal core in information storage technology. However, conventional storage
devices have reached a point where they can no longer meet the burgeoning demands of
information storage technology. Consequently, the pursuit of developing a new genera-
tion of memristors has captured academic interest in recent years. The development of
ferroelectric materials with resistive switching characteristics holds significant importance
for memristors.

In this study, lead-free BLT thin films were synthesized using the sol–gel method, and
the adjustment of spin coating times yielded BLT thin films with exceptional ferroelectric
properties. The dielectric and ferroelectric characteristics of thin films subjected to varying
spin coating times were systematically compared across different electric field strengths and
frequencies. The microscopic ferroelectricity of the BLT film and the microscopic evolution
of the domain wall of the BLT film were studied through PFM observation. The resistor
characteristics of the BLT4 thin film were studied, demonstrating its potential application
in memristor.

2. Materials and Methods

The Bi3.25La0.75Ti3O12 thin films were fabricated using the sol–gel method on
Pt/Ti/SiO2/Si substrates. The precursor solution was composed of bismuth(III) acetate
(Aladdin, Shanghai, China), lanthanum(III) acetate (Aladdin, Shanghai, China), and tetra-
butyl titanate (Aladdin, Shanghai, China) as primary raw materials, with propionic acid
(Aladdin, Shanghai, China) as the solvent and ethanolamine (Aladdin, Shanghai, China)
as the stabilizer. The quantities of bismuth acetate, lanthanum acetate, and tetrabutyl
titanate were determined according to stoichiometric proportions, with an additional 5% of
bismuth acetate to compensate for Bi volatilization during annealing. The synthesis pro-
cess entailed the gradual addition of bismuth acetate and lanthanum acetate to propionic
acid, followed by stirring at room temperature until complete dissolution. Subsequently,
tetrabutyl titanate was introduced, and a specific amount of ethanolamine was added to
stabilize the colloid. The mixture was stirred at room temperature for one day to yield a
yellow stock solution, and the concentration of precursor solution was 0.10 mol/L. This
solution was spun at 6000 rpm for 20 s and then pyrolyzed on a hot stage (C-MAG HS 7,
IKA, Staufen, Germany) at 400 ◦C for 5 min. This procedure was iterated four, five, six, and
seven times to produce the samples denoted as BLT4, BLT5, BLT6, and BLT7, respectively.
Finally, the samples underwent annealing in an infrared annealing furnace (IRLA-1200,
Wuhan JouleYacht Technology Co., LTD, Wuhan, China) at 700 ◦C in an air atmosphere for
30 min.
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The thin films’ phase analysis and crystallographic orientation were determined using
X-ray diffraction (XRD, D8 Advance X, Bruker, Germany) with CuKα radiation at room
temperature. Surface topography and cross-section were examined using a scanning elec-
tron microscope (SEM, Apreo 2, Thermo Scientific, Waltham, MA, USA). The piezoelectric
response and domain structure of the BLT thin films were characterized using piezoelectric
force microscopy (AFM/PFM, Cypher S, Oxford Instruments, Abingdon, Oxfordshire, UK).
Before electrical characterization, Au top electrodes with a 0.5 mm diameter were deposited
onto the thin films through magnetron sputtering (ETD-800, Vision Precision Instruments,
Beijing, China), forming Au/BLT/Pt capacitors. The hysteresis loop, leakage current
characteristic, and current–voltage loop were characterized using a ferroelectric analyzer
(Precision Multiferroic II, Radiant, Albuquerque, NM, USA), and the dielectric constant
and dielectric loss were determined using an impedance analyzer (WK6500B, Wayne Kerr,
Woburn, Massachusetts, UK). The resistor characteristics (I-V curve) of the device were
tested using a semiconductor analyzer (4200A-SCS, Keithley, Seattle, WA, USA).

3. Results and Discussion

Figure 1 depicts the X-ray diffraction (XRD) patterns of BLT thin films deposited
on (111)Pt/Ti/SiO2/Si substrates. The thin films exhibit complete crystallization and
demonstrate polycrystalline structures (ICDD/PDF No. 00-035-2795), with no observable
secondary phases in the XRD scans. Based on the intensity of the (117) XRD reflection,
the following formula [28] can be used to estimate the degree of preferred orientation of
BLT films:

α117 =
I(117)

I(008) + I(117) + I(200)
(1)

where I(006), I(117), and I(200) stand for the integrated peak intensities for (008), (117), and
(200) diffraction lines, respectively. α117 would be about 66% in a fully random film. This
indicates that all of the thin films possessed random orientation. Increasing the number
of spin coating cycles leads to a significant enhancement in the intensities of (111), (220),
(1115), and (317) peaks relative to the background noise level. This is to be expected as
a consequence of the film thickness increase with the number of spun layers. The slight
decrease in α117 with the number of spin cycles is probably due to this increase in the
intensities of the weak (008) and (200/020) lines relative to the background noise in the
XRD scans, rather than any change in preferred orientation.
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In Figure 2, surface images of the BLT thin films on Pt/Ti/SiO2/Si substrates with
varying spin coating cycles are presented. The micrographs reveal dense and smooth
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thin films without discernible cracks or bubbles, which indicates that all of the thin films
have good quality. With an increasing number of spin coatings, the BLT grains exhibit
elongation, which is confirmed by SEM micrographs. The thin films primarily consist of
rod-like grains oriented with different lengths. It is not clear whether these grains are rods
or plates, which are viewed edge-on. The formation of rod-like grains can be attributed to
the anisotropic growth of the BIT-based material, driven by lower c-plane interface energy
compared to the a/b surface, resulting in faster growth in the plane perpendicular to the
crystallographic c-axis [28]. In the process of film preparation, the shapes of grains depend
on nucleation and grain growth. According to Schwartz’s theory, in films with interface
nucleation, the grains are columnar, while in films with interface and bulk nucleation, the
grains are fine [30]. Therefore, it is speculated that when the film thickness is low, interface
nucleation is predominant, and as the thickness gradually increases, it transitions to both
interface and bulk nucleation. Furthermore, the grain density is influenced by nucleation
centers and the surface migration of adsorbed atoms. With an increase in the number of
spin-coating layers, i.e., an increase in thickness, the surface diffusion of adsorbed atoms
is restricted, and the density of nucleation centers increases, resulting in a more uniform
distribution of particle aggregation, and as the width of the rod increases, it is easier for
them to make contact with each other, which also leads to the smaller width of the grain
during the growth process [31]. The cross-sectional images in Figure 2e–h depict thin films
with varying layer counts. The thicknesses for four, five, six, and seven layers are 140 nm,
180 nm, 210 nm, and 240 nm, respectively, with each layer measuring approximately 35 nm.
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Figure 2. SEM micrographs and cross-sections of Bi3.25La0.75Ti4O12 thin films; (a,e) BLT4, (b,f) BLT5,
(c,g) BLT6, (d,h) BLT7.

The polarization–voltage hysteresis loop was measured at 1 kHz for each thin film
sample, and the remanent polarization (Pr) was extracted from the hysteresis loop. The
hysteresis loops for BLT thin films with different thicknesses are presented in Figure 3a,
and the corresponding thickness-dependent Pr values are illustrated. It was observed that
as the number of spin coatings increased, Pr gradually decreased. Furthermore, all samples
exhibited well-defined saturation hysteresis loops, which indicated that all of the films
had good ferroelectric properties. However, significant asymmetries were observed in the
hysteresis loop of the BLT4 thin film, likely stemming from differences in the work function,
defect charge, and interface control between the top and bottom electrodes. In Figure 3b,
dielectric constant and dielectric loss are shown as functions of frequency for all thin films
at room temperature. At 100 Hz, the dielectric constant increased with the film thickness,
rising from 258 at 140 nm to 276 at 240 nm. The dielectric constant increases with the film
thickness, influenced by both the extrinsic and intrinsic properties of the ferroelectric film.
This relationship can be further elucidated. Meanwhile, the dielectric constants of all thin
films decrease as the test frequency rises due to the suppression of the space charge effect.
In the frequency range from 102 to 105 Hz, the dielectric loss remains nearly constant (<0.10).
The abrupt changes in the dielectric constant and dielectric loss beyond 105 Hz result from
the L-C resonance induced by the stray inductance at the probe–film contact [32].
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It is widely recognized that BIT thin films exhibit high leakage currents, which are
primarily attributed to defects like oxygen vacancies. The incorporation of La into BIT
(BLT) can ameliorate the leakage current characteristics. In Figure 3c, the leakage current
density versus the applied electric field (J-E) for BLT thin films with varying spin-coating
times is depicted. Irrespective of the spin-coating times, all BLT thin films exhibit reduced
leakage current densities, measuring less than 4.5 × 10−8 A/cm2 at an electric field of
150 kV/cm. The J-E curves of all Au/BLT/Pt samples display asymmetry around x = 0,
which is attributable to differing Schottky heights of the top and bottom electrodes in
the ferroelectric heterostructures [10]. The leakage current curve manifests two distinct
regions. In the low-voltage region, the leakage current densities of all BLT thin films
demonstrate linear growth, while in the high-voltage region, they increase exponentially.
The boundary between these two regions for BLT thin films is observed at approximately
180 kV/cm. In Figure 3d, the ln J-ln E curves for all BLT thin films illustrate a similar trend
in which the current density increases with the electric field, indicating that the leakage
current characteristics are independent of the film thickness. Detailed discussions on the
leakage current characteristics in the low electric field and high electric field regions will be
provided for the BLT4 film.

Figure 4 presents the electrical characteristics of BLT4 thin films. In Figure 4a, the
hysteresis loop of the BLT4 film at 1 kHz is shown as a function of the electric field. Notably,
an increase in the electric field leads to a rapid rise in both the remanent polarization
and coercive field. Once the saturation voltage is reached, the coercive field remains
constant, while the remanent polarization exhibits a linear increase with the electric field. In
Figure 4b, we depict the frequency-dependent hysteresis loops of BLT4, revealing a decrease
in maximal polarization and an increase in the corresponding remanent polarization as
the frequency varies. Importantly, the hysteresis loops remain relatively stable, indicating
good frequency stability. Figure 4c displays the leakage current behavior of BLT4, and the
inset exhibits the ln J-ln E curve. The leakage conductance mechanism of ln J-ln E was
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analyzed by the slope α of ln J-ln E. In general, when α~1, the conduction mechanism is
an ohmic conduction mechanism, and when α~2, the conduction mechanism is a space
charge limited current mechanism (SCLC). The ln J-ln E curve of BLT4 under a positive
electric field can be divided into two segments; when the electric field is low, α~1.4, this
indicates that the conduction mechanism of the BLT4 film is the combined action of an
ohmic conduction mechanism and an SCLC mechanism. When the electric field continues
to increase, reaching α~12.4, this may be dominated by the Schottky emission mechanism
and the Poole–Frenkel emission mechanism [33]. Lastly, in Figure 4d, we present the
hysteresis loop of BLT4 at 8 V and its corresponding current and voltage profiles. The
current-voltage curve exhibits a significant current peak near the coercive field, which is
associated with ferroelectric domain inversion induced by the applied electric field. The
reorientation of most domains under the applied electric field results in higher current
densities, underscoring the stability of the thin film domains.
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To confirm the presence of microscopic ferroelectricity, we utilized piezoelectric re-
sponse force microscopy to examine the as-prepared BLT4 thin films in randomly selected
areas. Figure 5a,b show the original amplitude and phase image of the BLT4 thin film, re-
spectively. Figure 5c,d show the amplitude and phase image of the BLT4 thin film obtained
after polarizing an area of approximately 3 × 3 mm2 at −9 V and subsequently polarizing
the central region with +9 V bias. This process revealed three distinct polarization states:
an outer region that remained unbiased during growth, a region biased negatively at −9 V,
and a centrally biased region at +9 V. These observations indicate complete polarization,
switching between “up” and “down” states. Figure 5e,f show an additional PFM scan of
the sample taken 30 min after the writing domain. The results indicate that the sample ex-
hibits robust domain stability, underscoring its potential value in non-volatile ferroelectric
memory applications.
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Similarly, we conducted piezoelectric response force microscopy characterization on
the as-prepared BLT5 thin films in randomly selected regions, as illustrated in Figure 6. Fol-
lowing domain writing, we observed that some shapes in the amplitude map matched the
intended designs, yet the phase map did not exhibit clear shape features. This discrepancy
arises from the fact that when writing domains, ferroelectric domains are only partially
induced, which is a notable contrast to BLT4 thin films.
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To investigate the resistance characteristics of Au/BLT/Pt devices, I-V curves were
measured at room temperature according to the schematic shown in Figure 7a. Figure 7b
shows a semilog plot of the I-V measurement, where the arrow indicates the voltage
sweep. The voltage scanning sequence is 1 → 2 → 3 → 4 → 5, and the corresponding
voltage is 0 V→ 6 V→ 0 V→−6 V→ 0 V. It can be found that the device has resistance
switching characteristics. With the increase in the forward sweep voltage, an SET occurs
at about 3.2 V, and the device current increases significantly. The device switches from
the high-resistance state (HRS) to the low-resistance state (LRS) [34,35]. As the negative
sweep voltage increases, and as the sweep voltage returns from −6 V to 0 V, the device
switches from the LRS to the HRS. This shows that Au/BLT/Pt memory devices have
resistor characteristics and have good application prospects in memristor.
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4. Conclusions

In summary, Bi3.25La0.75Ti3O12 thin films were synthesized on Pt/Ti/SiO2/Si sub-
strates using the sol–gel method, employing various spin-coating times. All thin films show
random orientations and have the appearance of rod-like grains. The findings indicate a
proportional increase in the film thickness, approximately 35 nm per layer, with each addi-
tional spin-coating application. Different spin-coating durations influence the ferroelectric
properties and dielectric properties of BLT thin films. The remnant polarization experienced
a decrease, and the dielectric constant increased with the increased film thickness. The BLT4
thin film has a good domain flip and keeps its characteristics and resistance characteristics,
which show that it has potential applications in non-volatile memory and memristors.
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Abstract: Ceramic samples of solid solutions of the binary system (1−x)BiFeO3-xBaTiO3

+ 2 wt.% Bi2O3 (0.29 ≤ x ≤ 0.33, ∆x = 0.01) were prepared using the conventional solid-
phase reaction method with and without mechanical activation. Using X-ray studies, it
was found that the objects have a pseudocubic crystal structure, and limited solubility
occurs in solid solutions of the studied composition, as evidenced by the presence of
regions with an increased Bi or Ba content and similar cell parameters. A diffuse phase
transition occurred from the FE to PE state in the temperature ranges of (650–850) K.
Relaxor-like behavior and the smearing of the phase transition in the studied ceramics
can be associated with the presence of non-interacting regions with an increased content
of Bi or Ba, different modulation, and crystal lattice symmetry. The grain morphology
and dielectric characteristics of the selected solid solutions were investigated. The highest
piezoelectric coefficient, d33 = 120 pC/N, was obtained in the mechanically activated
ceramics 0.71BiFeO3-0.29BaTiO3 + 2 wt.% Bi2O3.

Keywords: dielectric properties; perovskites; multiferroics; piezoelectric properties;
solid solutions

1. Introduction
Multiferroic materials, which have coexisting electric, magnetic, and elastic orderings,

are currently among the most intensively studied objects in materials science [1] due to
their wide range of potential applications, including the production of magnetic field
sensors, memory elements, and spintronics devices [2–4]. Bismuth ferrite (BiFeO3, BF), a
representative of this class of materials, has Curie and Néel temperatures of 1123 K and
643 K, respectively, and is being considered for use in magnetoelectric structures. However,
its use is limited due to several factors, such as the difficulty in obtaining it in a single phase,
the presence of Fe2+/Fe3+ ions and oxygen vacancies that cause leakage currents, and the
high electric coercive field required for domain switching [5,6]. However, modification
by rare-earth elements or the creation of solid solutions based on BF allows for stabilizing
the structure and improving the multiferroic properties of the obtained materials [7–9].
Among BiFeO3-based solid solutions, the lead-free BiFeO3-BaTiO3 (BF-BT) system has been
proposed as a potential replacement for lead zirconate titanate (PZT) ceramics, which have
been widely used in piezoelectric devices due to their excellent dielectric and piezoelectric
properties near the morphotropic phase boundary (MPB) between the rhombohedral (Rh)
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and tetragonal (T) phases [10,11]. The Curie temperature (TC) of commercial PZT ceramics
ranges from 450 K to 770 K, depending on the composition. However, with the development
of modern industry, the need for devices with a wider operating range is growing. Solid
solutions of BF-BT with low BT content exhibit TC values exceeding 650 K, indicating their
potential for high-temperature applications [12]. The properties of this solid solution can
be further enhanced through mechanical activation during the production process and by
incorporating additional elements (Table 1).

Table 1. The values of the piezoelectric modulus d33 and the Curie temperature for modified binary
ceramics BF-BT from the works [13–18] and this work.

Modificator Composition d33,
pC/N TC, K

Zn2+ 0.7Bi0.4Zn0.6FeO3-0.3BaTiO3 [13] 160 723
Mn4+ 0.71BiFeO3-0.29BaTiO3 + 1.2 mol%MnO2 [14] 169 779
Bi3+ 0.7Bi1.02FeO3-0.3BaTiO3 [15] 214 801
Ga3+ 0.7Bi(Fe0.98Ga0.02)O3-0.29BaTiO3 [16] 157 740
Zr4+ 0.75BiFeO3-0.25Ba(Zr0.1Ti0.9)O3 [17] 138 729
Sc3+ 0.7Bi(Fe0.98Sc0.02)O3-0.3BaTiO3 [18] 165 778
Bi3+ 0.71BiFeO3-0.29BaTiO3 [this work] 120 650–750

As is well-known, Bi is a volatile element at elevated temperatures due to its high
vapor pressure, which can result in deviations from the optimal composition [19,20]. This
can obviously impact the electrical properties of piezoelectric materials based on bismuth. It
has been demonstrated that mechanical activation during the manufacturing process or the
addition of excess bismuth to the system can effectively address this issue [21,22]. On the
other hand, Bi2O3 is frequently used as a sintering aid for piezoelectric materials to lower
their sintering temperature and modify their dielectric and piezoelectric properties. In this
context, it is essential to comprehend how mechanical activation and the addition of excess
bismuth affect the crystal structure, as this determines the macroscopic characteristics of
the ceramic material being studied.

In this paper, (1−x)BiFeO3-xBaTiO3 (BF-xBT) ceramic samples with additional Bi
content were prepared with a conventional solid-state reaction method using mechanical
activation and without it, and the structure, dielectric, ferroelectric, and piezoelectric
properties of the obtained ceramics were studied.

2. Materials and Methods
Ceramic samples of the solid solutions of the binary system (1−x)BiFeO3-xBaTiO3

(0.29 ≤ x ≤ 0.33, ∆x = 0.01) were fabricated using conventional ceramic technology with
double solid-phase synthesis at temperatures T1 = 1123 K and T2 = 1143 K and holding
times τ1 = τ2 = 10 h with following sintering at Tsin1 = 1343 K for samples prepared
with mechanical activation (BF-xBTm) and Tsin2 = 1323 K for other samples (BF-xBT)
within 2 h. The experimental sample density ρexp was determined with hydrostatic weigh-
ing; octane was used as a liquid medium. The density was calculated with the formula
ρexp = (ρoct × m1)/(m2 − m3 + m4), where ρoct is the density of the octane, m1 is the
mass of the dry workpiece, m2 is the mass of the workpiece saturated with octane, m3

is the mass of the saturated workpiece suspended in octane with suspension, and m4 is
the suspension mass for the workpiece. Experimental and relative densities are shown in
Table 2. The initial reagents were Bi2O3, Fe2O3, TiO2, BaCO3 with a base substance content
of at least 99.95%. The mechanical activation of synthesized powders was carried out at the
stage of manufacturing press powders prepared for sintering. For mechanical activation,
a high-energy grinding ball mill AGO-2 manufactured by NOVITS (Novosibirsk, Russia)
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was used. The prepared powder was loaded into drums with an internal diameter of
63 mm together with ZrO2 balls with a diameter of 8 mm with a total weight of 200 g. The
drum with the mixture was placed in the AGO-2 planetary mill. Grinding was carried out
in an alcoholic environment for 15 min; the rotation speed of the drum was 1800 rpm.

Table 2. Experimental and relative densities of the studied ceramics.

Sample ρexp, g/cm3 ρrel, %

BF-0.29BT 7.03 91.06
BF-0.3BT 7.00 90.67

BF-0.31BT 7.03 91.66
BF-0.32BT 7.05 92.40
BF-0.33BT 7.04 92.63

BF-0.29BTm 7.28 94.33
BF-0.3BTm 7.28 94.32

BF-0.31BTm 7.24 94.45
BF-0.32BTm 7.17 94.17
BF-0.33BTm 7.21 94.90

Ceramics were sintered in the form of cylinders, which were cut into disks Ø = 10 mm
and h = 1 mm. Electrodes were applied to the flat surfaces of the disks by the stepwise burning
of a silver-containing paste: 573 K for 20 min, 773 K for 30 min, and 1073 K for 20 min.

The X-ray study was carried out using the method of powder diffraction on the DRON-
3 diffractometer (IC “Bourevestnik”, Saint Petersburg, Russia) (Bragg-Brentano focusing)
using CoKα radiation.

The microstructure of the samples was studied using the scanning electron microscope
JSM-6390L.

Temperature dependences of the relative complex permittivity ε*/ε0 = ε′/ε0 − iε′′/ε0

(ε′/ε0 and ε′′/ε0 are the real and imaginary parts of ε*/ε0, respectively; ε0 – dielectric
permittivity of vacuum) in the temperature range (300–873) K and the frequency range
f = (50–2 × 106) Hz were obtained using a measuring bench based on the Agilent 4980A
LCR meter (Keysight Technologies, Inc., Santa Rosa, CA, USA).

Samples were polarized at T = 400 K in the polyethylene siloxane fluid under applied
fields of 3–6 kV. Piezoelectric coefficients of samples were measured using a quasistatic
YE2730A d33 METER, (APC International Ltd., West Kingston, RI, USA) at f = 110 Hz.

3. Results and Discussion
3.1. XRD Analysis

A powder X-ray diffraction study of the binary system (1−x)BiFeO3-xBaTiO3

(0.00 ≤ x ≤ 0.5, ∆x = 0.1) [23] showed that the solid solutions demonstrate rhombohe-
dral symmetry in the range of 0 ≤ x < 0.4, pseudocubic (Psc) in the range of 0.3 ≤ x ≤ 0.5,
and at x = 0.3, both phases coexist in the same solid solution. In this study, we investigated
in more detail the concentration region 0.29 ≤ x ≤ 0.33 containing MPB for compositions of
the binary system (1−x)BiFeO3-xBaTiO3 (0.29 ≤ x ≤ 0.33, ∆x = 0.01) prepared with and
without mechanical activation and with the superstoichiometric addition of Bi2O3.

Before analyzing the results of X-ray studies of solid solutions, it is important to
compare the crystallochemical characteristics of the ions involved. These include the X-ray
atomic scattering factor (f), at θ = 0, for positive ions; ionic radii (R); cation electronega-
tivity (EN); and their correspondence to the isomorphism criteria [24]. According to the
isomorphism rules, the difference in ionic radii should not exceed 15% when compared
to the smaller value. Similarly, the difference in electronegativities should be less than 0.4.
This ensures that the ions can form stable compounds within the solid solution
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From the data presented in Table 3, it is evident that both conditions are fulfilled for
B-cations. For A-cations, the ionic radii also meet the above condition, but the ∆EN exceeds
the permissible value by a factor of 2.5. This indicates that BF and BT may not form a
continuous series of solid solutions. Instead, only limited solubility is possible, and the
solid solution may disintegrate into several solid solutions with increased concentrations
of Bi or Ba and similar cell parameters.

Table 3. Atomic scattering factors, f, ionic radii, R, electronegativity, ∆R/Rmin, EN, ∆EN.

Cation f [25] R, Å [26] ∆R/Rmin × 100, % EN [27] ∆EN

Ba2+ 54 1.54 for CN 12
15

0.9
1.0Bi3+ 80 1.34 for CN 12 1.9

Ti4+ 18 0.64 for CN 6
4

1.5
0.3Fe3+ 23 0.67 for CN6 1.8

A similar effect has been observed in the Pb1−xBaTiO3 system, which has been de-
scribed in detail in [28]. It would be interesting to investigate whether it is possible to
improve the homogeneity of the solid solution by incorporating the mechanical activation
of the synthesized product into the sintering process. In this study, we compare X-ray data
with electrophysical properties of solid solutions that were prepared without mechanical
activation, and those that were mechanically activated before sintering.

The heterogeneity of the solid solution should be manifested in the X-ray diffraction
pattern as a slight splitting of the diffraction peaks and the emergence of diffuse maxima
near them. These diffuse maxima indicate the presence of atomic segregation, as described
by [29]. If an ordered arrangement of regions with a higher concentration of Bi and Ba
occurs, the diffuse maxima transform into satellites of the main reflections. The intensity of
these satellites is proportional to the square of the difference in atomic scattering factors
(∆f)2 of the atoms that form the planar defect. In our case, this planar defect represents the
boundary between regions with different chemical compositions.

Figure 1 shows X-ray diffraction patterns for studied ceramics in the angle range
20 ≤ 2θ ≤ 85 (◦). In Figure 1a weak peaks of the impurity phase Ba5Fe2O8 can be seen.
After mechanical activation, the pikes of the impurity phase disappeared. No distortion of
diffraction reflections corresponding to any one symmetry was detected, so all ceramics
have Psc symmetry.
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Figures 2–4 show the diffraction peaks of solid solutions with different compositions
with x = 0.29, 0.31, and 0.33, which were prepared both with and without mechanical
activation of the synthesized powder.

Ceramics 2025, 8, 7 5 of 15 
 

 

  
(a) (b) 

Figure 1. X-ray diffraction patterns for BF-xBT (a) and BF-xBTm (b) ceramics. Admixture—Ba5Fe2O8 
[JCPDS set 29, card 172]. 

Figures 2–4 show the diffraction peaks of solid solutions with different compositions 
with x = 0.29, 0.31, and 0.33, which were prepared both with and without mechanical ac-
tivation of the synthesized powder. 

Figure 2a,b show the diffraction pattern for the sample prepared without mechanical 
activation. There is a diffuse scattering at the base of the 111 and 200 diffraction peaks, 
indicating the presence of atomic segregation. This means that there are regions in the 
crystal structure that have a different chemical composition from the main matrix. The 
diffuse maxima are blurred, suggesting some order in the arrangement of these segre-
gated regions. In contrast, Figure 2c,d show the diffraction pattern of the mechanically 
activated sample. Here, the signs of atomic segregation have disappeared, but a splitting 
has appeared at the top of the diffraction peaks. This suggests that after the mechanical 
activation, there was a more uniform distribution of BT within the BF matrix, leading to 
the formation of two solid solutions with similar cell parameters. 

  
(a) (b) 

Ceramics 2025, 8, 7 6 of 15 
 

 

  
(c) (d) 

Figure 2. Diffraction peaks (111) and (200) on a larger scale for BF-0.29BT (a,b) and BF-0.29BTm 
(c,d). 

Figure 3 shows fragments of the X-ray diffraction patterns for samples with x = 0.31. 
Satellite maxima, denoted by the letter “𝑘ଵିଷା ”, are visible near the main diffraction peaks 
and on them (200 in Figure 3b and 111 in Figure 3c). The subscript indicates the position 
of the satellite relative to the main peak (“+” or “−” from the side of a large angle θ), and 
the superscript indicates its serial number. 

  
(a) (b) 

  
(c) (d) 

Figure 3. Diffraction peaks (111) and (200) on a larger scale for BF-0.31BT (a,b) and BF-0.31BTm 
(c,d). 

Figure 2. Diffraction peaks (111) and (200) on a larger scale for BF-0.29BT (a,b) and BF-0.29BTm (c,d).

Ceramics 2025, 8, 7 6 of 15 
 

 

  
(c) (d) 

Figure 2. Diffraction peaks (111) and (200) on a larger scale for BF-0.29BT (a,b) and BF-0.29BTm 
(c,d). 

Figure 3 shows fragments of the X-ray diffraction patterns for samples with x = 0.31. 
Satellite maxima, denoted by the letter “𝑘ଵିଷା ”, are visible near the main diffraction peaks 
and on them (200 in Figure 3b and 111 in Figure 3c). The subscript indicates the position 
of the satellite relative to the main peak (“+” or “−” from the side of a large angle θ), and 
the superscript indicates its serial number. 

  
(a) (b) 

  
(c) (d) 

Figure 3. Diffraction peaks (111) and (200) on a larger scale for BF-0.31BT (a,b) and BF-0.31BTm 
(c,d). 

Figure 3. Cont.

15



Ceramics 2025, 8, 7

Ceramics 2025, 8, 7 6 of 15 
 

 

  
(c) (d) 

Figure 2. Diffraction peaks (111) and (200) on a larger scale for BF-0.29BT (a,b) and BF-0.29BTm 
(c,d). 

Figure 3 shows fragments of the X-ray diffraction patterns for samples with x = 0.31. 
Satellite maxima, denoted by the letter “𝑘ଵିଷା ”, are visible near the main diffraction peaks 
and on them (200 in Figure 3b and 111 in Figure 3c). The subscript indicates the position 
of the satellite relative to the main peak (“+” or “−” from the side of a large angle θ), and 
the superscript indicates its serial number. 

  
(a) (b) 

  
(c) (d) 

Figure 3. Diffraction peaks (111) and (200) on a larger scale for BF-0.31BT (a,b) and BF-0.31BTm 
(c,d). 

Figure 3. Diffraction peaks (111) and (200) on a larger scale for BF-0.31BT (a,b) and BF-0.31BTm (c,d).

Ceramics 2025, 8, 7 8 of 15 
 

 

activation of BF-0.31BTm allows us to obtain a long-range ordered structure consisting of 
regions with increased concentrations of Bi and Ba. Each of these regions contains approx-
imately 400 perovskite cells. In fact, the solid solution decomposes with the spinodal 
mechanism, resulting in the formation of two solid solutions with similar cell parameters. 

The diffraction peaks (111) and (200) of ceramics with x = 0.33 are shown in Figure 4. 
The X-ray diffraction pattern of BF-0.33BT clearly shows the asymmetry of the diffraction 
peaks. The tails on the side with larger θ angles indicate the presence of clusters in the 
structure with a cell parameter smaller than that of the matrix. BF-0.33BTm is more ho-
mogeneous. However, the diffuse maxima at the bases of the peaks suggest segregation. 

  
(a) (b) 

  
(c) (d) 

Figure 4. Diffraction peaks (111) and (200) on a larger scale for BF-0.33BT (a,b) and BF-0.33BTm 
(c,d). 

Figure 5 shows the dependence of the cell parameter a(x) for solid solutions prepared 
using two methods and the linear dependence according to Vegard’s law. For the initial 
compounds, the parameters were obtained from the JCPDS database (BF-Set 14, card 181; 
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Figure 2a,b show the diffraction pattern for the sample prepared without mechanical
activation. There is a diffuse scattering at the base of the 111 and 200 diffraction peaks, indi-
cating the presence of atomic segregation. This means that there are regions in the crystal
structure that have a different chemical composition from the main matrix. The diffuse
maxima are blurred, suggesting some order in the arrangement of these segregated regions.
In contrast, Figure 2c,d show the diffraction pattern of the mechanically activated sample.
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Here, the signs of atomic segregation have disappeared, but a splitting has appeared at
the top of the diffraction peaks. This suggests that after the mechanical activation, there
was a more uniform distribution of BT within the BF matrix, leading to the formation of
two solid solutions with similar cell parameters.

Figure 3 shows fragments of the X-ray diffraction patterns for samples with x = 0.31.
Satellite maxima, denoted by the letter “k+1−3”, are visible near the main diffraction peaks
and on them (200 in Figure 3b and 111 in Figure 3c). The subscript indicates the position of
the satellite relative to the main peak (“+” or “−” from the side of a large angle θ), and the
superscript indicates its serial number.

The following modulation parameters were calculated: the wave number k, the modu-
lation wavelength Λ, and the number of perovskite cells N in the modulation wavelength.
The relationships between the wave numbers were also determined, and the character of
the modulation was identified. The modulation wavelength, Λ, was calculated using the
Formula (1):

Λ =

∣∣∣∣
1

dhkl
− 1

ds

∣∣∣∣
−1

, (1)

where dhkl and ds are the interplanar spacings of the main peak and satellite, respec-
tively [29]. The calculation results are presented in Table 4.

Table 4. Wave number, k, modulation wavelength Λ, number of cells in a wavelength, N, and the
relationship between the wave numbers of the solid solutions with x = 0.31.

Diffraction
Reflection and
Composition

Wave
Number k Λ, Å N Relation Between the Wave

Numbers k

200
BF-0.31BT

k+
1 0.00104 963 241

k+
3 = k+

1 + k+
2k+

2 0.00314 318 79.6
k+

3 0.00424 235 59

111
BF-0.31BTm

k+
1 = 1/2 k+

2 = 1/3 k+
3k+

1 0.0018 556 80.5
k+

2 0.00359 278 40
k+

3 0.00539 185.6 27
k* 0.00036 2781 403 k*= 1/5 k+

1 = 1/10 k+
2 = 1/15 k+

3

In BF-0.31BT the modulation wave propagated along < 100 > direction. The satellites of
the diffraction peak at 200 (Table 4) were the first-, third-, and fourth-order satellites, as the
wave numbers associated with them were related by the ratio k+1 = 1

3 k+2 = 1
4 k+3 . However,

the lack of a second-order satellite and the strong intensity of the fourth-order satellite
suggest that the wave number, k+3 , is the total wave number. These satellites occur when
two modulation waves are superimposed in a polydomain crystal in one crystallographic
direction, as described by [30]. In our experiment, crushed ceramics can be viewed as
polydomain crystals, with regions of increased Bi and Ba concentration acting as domains.

For the BF-0.31BTm (Figure 3c,d), only traces of modulation were observed on the
(200) diffraction peak, but modulation was also present along the < 111 > direction. The
(111) diffraction peak satellites were related by a ratio k+1 = 1

2 k+2 = 1
3 k+3 , which corresponds

to the harmonic modulation characteristic of the concentration wave. Mechanical activation
not only changed the modulation direction but also reduced the modulation wavelength.
Since the atomic displacements that determine the symmetry of the crystal are modulated,
we can conclude that at x = 0.31, there are regions with very small tetragonal distortion
(modulation in the < 001 > direction) and regions with very small rhombohedral distortion,
(modulation in the < 111 > direction). In BF-0.31BT, a phase Rh→T transition has already
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occurred in the bulk of the rhombohedral distorted regions, and mechanoactivation shifts
BF-0.31BTm towards the Re phase, thus shifting this transition to a region with a higher
BaTiO3 content. Figure 3 shows that all the diffraction peaks have split tops, and the widths
of the split peaks are approximately equal, except for the (111) peak in Figure 3c, which has
a narrower and more intense peak marked by an arrow. Assuming that this wide peak is a
satellite of the peak indicated by the arrow, a modulation wavelength can be calculated. An
interesting result was found, as shown at the bottom of Table 4. This ratio of wave numbers
is not accidental. It shows that mechanical activation of BF-0.31BTm allows us to obtain
a long-range ordered structure consisting of regions with increased concentrations of Bi
and Ba. Each of these regions contains approximately 400 perovskite cells. In fact, the solid
solution decomposes with the spinodal mechanism, resulting in the formation of two solid
solutions with similar cell parameters.

The diffraction peaks (111) and (200) of ceramics with x = 0.33 are shown in Figure 4.
The X-ray diffraction pattern of BF-0.33BT clearly shows the asymmetry of the diffraction
peaks. The tails on the side with larger θ angles indicate the presence of clusters in the
structure with a cell parameter smaller than that of the matrix. BF-0.33BTm is more
homogeneous. However, the diffuse maxima at the bases of the peaks suggest segregation.

Figure 5 shows the dependence of the cell parameter a(x) for solid solutions prepared
using two methods and the linear dependence according to Vegard’s law. For the initial
compounds, the parameters were obtained from the JCPDS database (BF-Set 14, card 181;
BT-Set 3, card 725). For x = 0.1, 0.2, 0.4, and 0.5, the cell parameters were used from a
previous study of the BF-BT system [23]. Since the cell parameter for x = 0.3, which was
prepared without adding 2% Bi2O3, differs by 0.0001 Å from the values in this study, this
difference is acceptable.
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Inset on Figure 5 shows that a break in the a(x) dependence occurs in the range
0.30 < x < 0.32. The width of this break for samples manufactured without mechanical
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activation is ∆x = 0.03 (0.29–0.32) with the jump ∆a = 0.003 Å. For mechanically activated
ceramics, ∆x = 0.04 (0.29–0.33) and ∆a = 0.005 Å. In both cases, the parameter a has a
minimum value at x = 0.31.

In Figure 5, it is also clear that the curve a(x) deviates positively from Vegard’s
rule. This type of dependence of a(x) is observed in non-metallic solid solutions with
immiscibility regions within the homogeneous region of a given system [31]. Thus, the
appearance of the X-ray diffraction patterns and the dependence of the cell parameter on x
suggest that a continuous series of solid solutions is not formed in the BF-BT system with
Bi2O3 addition.

3.2. Microstructural Characterization

Figure 6 shows micrographs of chips of the studied ceramics. The microstructure of
the BF-(1−x)BT samples (Figure 6a,c,e,g,i) is primarily composed of two types of grains:
small grains with a diameter of less than 1.5 µm, which form compact aggregates, and
larger grains with a size of more than 3 µm in the shape of irregular polyhedra. Despite
a slight reduction in the average grain size, an increase in the BT concentration has no
significant impact on the microstructure of ceramics produced without mechanical activa-
tion. The grain structure of BF-0.29BTm ceramics (Figure 6b) consists of crystallites with
an average size of ~5 µm. The chip passes along the grain boundaries. An increase in the
BT concentration leads to the appearance of segregations of small grains (Figure 6d,f) as in
BF-(1−x)BT ceramics and a decrease in the average grain size to ~1.5 µm in BF-0.32BTm
and BF-0.33BTm (Figure 6h,j). The presence of a homogeneous mass of very small grains
~1 µm arranged in an ordered manner on separate fragments of the chip is characteristic of
solid solutions after spinodal decomposition. This indirectly confirms the conclusions of
the X-ray analysis.

3.3. Dielectric and Piezoelectric Characteristics

Figure 7 shows the temperature dependences of the real part of the complex permittiv-
ity and the dielectric loss tangent of the studied ceramics. In all samples at T < 600 K, an
increase in the permittivity is observed with increasing temperature, ending in a diffuse
frequency-dependent maximum corresponding to the phase transition from the paraelectric
phase to the ferroelectric one. With an increase in the frequency of the measuring field, the
maximum shifts to the high-temperature region. For all samples except BF-0.29BTm, the
presence of BT also affects the position of the maximum, shifting it to the low-temperature
region with an increase in the BT concentration from ~740 K (BF-0.29BT) and ~820 K
(BF-0.30BTm) to 680 K (BF-0.33BT) and 685 K (BF-0.33BTm) (Figure 7a,c). Increasing the BT
concentration shifts the TC in the BF-BT solid solutions to the low-temperature region since
the TC of BT is much lower than the TC of BF, which can be seen in Figure 7a. In Figure 7c,
the ε′/ε0 curves are divided into the two groups. Curves of the samples with x = 0.30,
0.31, 0.32 correspond to the solid solutions from the morphotropic phase boundary. Other
curves correspond to the solid solution located outside the morphotropic phase transition
region. In each of the groups, TC decreases with increasing BT concentration. Almost all
samples demonstrate extremely high conductivity, which is expressed in a sharp increase
in the dielectric loss tangent after 400 K (Figure 7b,d). BF-0.29BTm was the only sample
that demonstrated acceptable tangent values. The reason for the observed effects may be
the already mentioned oxidation of Fe-ions and volatilization of Bi2O3, but we consider
that such a large increase in conductivity in the samples of one research section is due
precisely to Maxwell–Wagner relaxation arising from the accumulation of free charges at the
interfaces of Bi- or Ba-rich regions. In the BF-0.29BTm sample, a more uniform dissolution
of BaTiO3 into BiFeO3 occurred after mechanical activation, thus avoiding these problems.
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Figure 8 shows the temperature dependences of the real part of the complex permittiv-
ity and the dielectric loss tangent in a wide range of temperatures and research frequencies.
As can be seen from the figure, in the range of (650–750) K, a diffuse phase transition occurs
in the sample, the temperature of which, Tm, depends on the frequency. Similar behavior
is observed in the tgδ(T), but the growth of the electrical conductivity of the material at
T~500 K leads to a sharp increase of the tgδ values. As a result, in the vicinity of the FE→PE
phase transition, we observe insignificant anomalies at high f values. When approximating
the Tm(f) dependence in the whole frequency range, we used the Vogel–Fulcher relation (2):

f = f0exp
Ea

k (Tm − Tf )
(2)

where f0 is the frequency of attempts to overcome a potential barrier Ea, k is the Boltzmann
constant, and Tf is the Vogel–Fulcher temperature, interpreted as the temperature of “static
freezing” of electric dipoles or transition to the state of a dipole glass. The best result
was achieved with the parameters f0~4·1012 Hz, Ea ≈ 0.29 eV, and the Vogel–Fulcher
temperature Tf ≈ 595 K. The obtained results indicate that the solid solution BF-0.29BTm
demonstrates relaxor behavior that may be associated with the presence of regions rich in
Bi+2 or Ba+2 in the ceramic crystal structure.
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Despite the fact that solid solutions from MPB in many cases exhibit extreme electrome-
chanical properties, we did not find stable piezoresponse after poling most of the samples
studied. However, it was possible to observe the piezoelectric characteristics that were
stable in time in the BF-0.29BTm ceramics. The highest piezoelectric constant of 120 pC/N
is much larger than d33 = 65 pC/N achieved in BF-BT ceramics fabricated by conventional
solid-phase reaction methods [23]. However, this value is lower than presented in Table 1,
indicating that complex modification and good solubility of the solid solution components
are required to improve the piezoelectric properties of the investigated system.

4. Conclusions
Ceramic samples of solid solutions of the binary system (1−x)BiFeO3-xBaTiO3 + 2 wt.%

Bi2O3 (0.29 ≤ x ≤ 0.33, ∆x = 0.01) were prepared using the conventional solid-phase reac-
tion method with and without mechanical activation. Using X-ray studies, it was found
that in the investigated concentration range the structure of solid solutions is modulated,
in the interval 0.30 ≤ x ≤ 0.32 there is a morphotropic phase transition at the local level.
Clusters with very small tetragonal cell distortion predominate in BF-0.31BT, and clusters
with rhombohedral distortion predominate in BF-0.31BTm. It is concluded that the solid
solutions are heterogeneous and contain regions rich in Bi or Ba. The reason for this is
the violation of the rules of isomorphism during the substitution of Bi↔Ba. Mechanical
activation led to a limited improvement in the homogeneity of the obtained ceramics
only for the BF-0.29BTm composition. Data from the study of the microstructure and
dielectric properties of the ceramics confirmed the incomplete solubility and heterogene-
ity of the studied compositions. The average grain size in the BF-0.29BTm sample was
~5 µm. In the remaining compositions, the average grain size varied from 1 µm to 3 µm,
which is characteristic of solid solutions in the region of morphotropic phase transition
or solid solution decomposition. At the same time, these samples had high electrical con-
ductivity, which prevented the production of a stable piezoactive state. A diffuse phase
transition occurred from the FE to PE state in the temperature ranges of (650–750 K) for
BF-(0.29–0.33)BT samples and (650–850 K) for BF-(0.29–0.33)BTm samples. For the BF-
0.29BTm sample, the relaxation process was approximated using the Vogel–Fulcher relation,
with parameters Eact = 0.29 eV and Tf = 595K. We assume that relaxor-like behavior and the
smearing of the phase transition in the studied ceramics can be associated with the presence
of non-interacting regions with increased content Bi or Ba, different modulation, crystal
lattice symmetry, and chemical composition identified by X-ray analysis. Thus, it is shown
that the mismatch of the solid solution composition with the rules of isomorphism does not
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allow obtaining ceramics with high piezocharacteristics, and even additional mechanical
treatment can only improve the technological characteristics of ceramics to a limited extent.
The maximum values of the piezoelectric modulus were observed in the BF-0.29BTm ce-
ramics (~120 pC/N). The results show that mechanically activated BF-BT ceramics can be a
promising material for future applications, but a comprehensive modification considering
the isomorphism rule is required to seriously improve its performance.
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Abstract: The microwave dielectric properties of (1−x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)
(Mg(1+δ)1/2Ti1/2)O3 ((1−x)CYTO-xNLMTO) ceramics were investigated in this study. It was discov-
ered that the addition of 1 wt% CuB2O4 effectively enhanced the densification and improved the
microwave dielectric properties of (1−x)CYTO-xNLMTO, where δ = 0.02. The new ceramic systems
of (1−x)CYTO-xNLMTO could achieve ultra-low loss and a high dielectric constant. The novel
ceramic systems comprising (1−x)CYTO-xNLMTO exhibited remarkably low loss and a significantly
high dielectric constant.

Keywords: ultra-low dielectric loss; (1−x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3;
CuB2O4 doping; high dielectric constant

1. Introduction

With the rapidly increasing demands for 5G communication and satellite broad-
casting, there is an urgent need to advance dielectric resonator materials in microwave
frequency applications. The dielectric ceramics utilized in these applications must ex-
hibit exceptional dielectric properties, including high permittivity (εr) [1–3], low dielectric
loss (high Q × f) [4–8], and a temperature coefficient for the resonant frequency (τf) that
approaches zero.

Designing high-quality devices is of paramount importance, with a focus on achieving
optimal efficiency and stability while incorporating compact dimensions. Therefore, it
is imperative to utilize dielectric materials with exceptional qualities for microwave res-
onators [9–11]. Specifically, the incorporation of high-k (εr) dielectric materials plays a
crucial role in fabricating RF passive devices such as antenna filters and oscillator resonators,
enabling reductions in resonator size. Furthermore, it is essential for these microwave
materials to exhibit low-loss characteristics, leading to extensive research efforts aimed at
developing dielectric materials with minimal microwave loss. The presence of this charac-
teristic is essential for achieving high-frequency selectivity and stability in both microwave
transmitters and receiver components. Ensuring near-zero temperature coefficients (τf)
becomes imperative for maintaining stability across various operating temperatures in
microwave components [12,13].

One promising approach involves utilizing two distinct ceramics with different τf
values to form a solid solution or mixed phases, thereby effectively achieving a zero temper-
ature coefficient of resonant frequency. This method addresses the demands of microwave
circuit designs where precise control over each dielectric property is indispensable [14,15].
The dielectric ceramics utilized in microwave applications should consistently exhibit
exceptional dielectric performance, encompassing a high permittivity (εr), low dielectric
loss, and a near-zero temperature coefficient (τf) [16–18]. Perovskites, characterized by
the general ABO3 structure, have been extensively investigated for their application in
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dielectric ceramics. They play a pivotal role in the fabrication of electronic components due
to their high permittivity and reliability in practical scenarios [11,12].

Typically, the investigation of phase formation factors primarily involves considera-
tions such as sintering temperature and thermal calculations [19,20], both of which have a
significant impact on the manufacturing process cost [21]. To address this issue, extensive
research efforts have been focused on minimizing sintering temperatures through various
methods. Noteworthy approaches include the utilization of sol–gel processes, reduction in
particle size, and liquid-phase sintering. The sol–gel process has emerged as a promising
technique for reducing sintering temperatures by converting a solution or colloidal system
into a gel, followed by drying and thermal treatment. This versatile route is known for
producing high-purity materials with reduced processing temperatures. Another strategy
involves decreasing the particle size of starting materials to enhance reactivity during
sintering, thereby promoting densification at lower temperatures [22].

This approach not only contributes to energy efficiency but also mitigates the overall
cost of the manufacturing process. Introducing a liquid phase by incorporating glass or
other low-melting-point materials has proven effective in lowering the sintering temper-
ature. Liquid-phase sintering facilitates the rearrangement of particles and enhances the
diffusion process, leading to improved densification at reduced temperatures [23–26]. This
method offers a practical solution for cost-effective manufacturing while maintaining the
desired material properties.

After conducting a comprehensive literature review, it becomes evident that the sol–gel
process is characterized by inherent complexity, while the alternative approach of reducing
particle size in initial powders tends to increase fabrication costs [19,27–29]. Considering
both cost efficiency and expedited fabrication as dual considerations, we have chosen to
conduct experimental investigations utilizing liquid-phase sintering supplemented with
the inclusion of other low-melting-point materials.

The compound (Nd1/2La1/2)(Mg1/2Ti1/2)O3, referred to as NLMTO, possesses re-
markable dielectric properties, characterized by a high dielectric constant (εr ~ 27.6), an
impressive quality factor (Q × f value ~ 4550 GHz), and a negative temperature coefficient
of resonant frequency (τf) of −48 ppm/◦C. To counterbalance the positive τf value, the in-
troduction of Ca0.6(La0.9Y0.1)0.2667TiO3, known as CYTO, with εr = 111, Q × f = 23,100 GHz,
and τf = +374.6 ppm/◦C [30,31], into the composite system results in the formation of
a solid solution, denoted as (1−x)CYTO-xNLMTO. In this investigation, CuB2O4 was
selected as a sintering aid to effectively lower the sintering temperature of the (1−x)CYTO-
xNLMTO ceramics. Moreover, the combination of NLMTO and CYTO yielded a novel
dielectric system characterized by a high dielectric constant, a remarkable Q × f value, and
a temperature coefficient of resonant frequency close to zero [32–34].

2. Experimental Procedure

The compositions CYTO and NLMTO were synthesized through mixed oxide solid-
state reactions employing high-purity chemical powders, namely CaCO3, TiO2, La2O3,
Nd2O3, Y2O3, TiO2, and MgO. To address the hygroscopic nature of magnesium oxide,
it underwent a drying process at 600 ◦C for 2 h. Stoichiometric ratios were maintained
during the mixing of compositions, and the resulting mixture was ground in distilled
water for 10 h using a baling mill with agate balls. Additionally, 1 wt% of the sintering
aid Cu-B2O3 (CuB2O4) was introduced to (1−x) CYTO-x NLMTO ceramics. Sintering
of the ceramics was carried out at temperatures ranging from 1200 to 1350 ◦C for 4 h.
Specifically, CYTO underwent calcination at 1000 ◦C for 2 h, while NLMTO was calcined at
1100 ◦C for 2 h. Polyvinyl alcohol (PVA 500; Showa, Tokyo, Japan), serving as a binder, was
incorporated into the calcined powder. After achieving complete granulation uniformity,
the mixture underwent screening with a 100-mesh screen and was pressed with a pressure
of 200 MPa to form cylinders, each with a height of 0.5 cm and a diameter of 1.1 cm.
Sintering temperatures (STs) for the cylinders were set at various temperatures for 4 h in
an air environment, maintaining a consistent temperature rise and fall rate of 10 degrees
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per minute across all specimens. Crystallization-phase observations of the pre-phased
powder and the mixed compositions were conducted using a Siemens D5000 X-Ray Powder
diffractometer (XRD, Munich, Germany) with Cu-Kα radiation (at 40 kV and 40 mA). The
XRD analysis of the sample was executed at a scan speed of 2 degrees/minute and a step
size of 0.06 degrees. Utilizing Scanning Electron Microscopy (SEM, SEM4000Pro, ZEISS,
Oberkochen, Germany) technology, the grain size, shape, and distribution of the sample
were meticulously observed. Meanwhile, through the application of Energy Dispersive
Spectroscopy (EDS) analysis, the types and concentrations of elements contained within
the sample were determined. Bulk densities of the sintered pellets were determined using
the Archimedes method. Measurements of εr and Q × f at radio frequencies were carried
out using the Hakki–Coleman [35] dielectric resonator method, employing a network
analyzer (Anritsu MS4647B, Morgan Hill, CA, USA). The same technique was utilized to
measure the temperature coefficient of resonant frequency (τf). The test set was subjected
to a thermostat-controlled environment in a temperature range from +25 ◦C to +80 ◦C.
Additionally, the temperature coefficient of resonant frequency (τf) was calculated using
Equation (1).

τf =
ft2 − ft1

(t2 − t1) ft1
× 106 (ppm/◦C) (1)

In the above equation, ft2 and ft1 represent the resonant frequencies at 80 ◦C and 25 ◦C,
respectively.

3. Results and Discussion

The XRD analyses were performed after incorporating 1 wt% of multiple sintering
aids, specifically CuO-B2O3 (CuB2O4), into the (1−x)CYTO-xNLMTO ceramics. These
ceramics were sintered at temperatures ranging from 1200 to 1325 ◦C for a duration of
4 h. Due to the close resemblance in lattice parameters between the two ceramics, a solid
solution was formed. Figure 1 shows peaks that confirm the presence of NLMTO and
CYTO as crystalline phases in the composition of 0.15CYTO-0.85NLMTO. All identified
peaks were successfully indexed based on the perovskite structure, with no evidence of a
second phase observed across all compositions examined in this experiment.

Figure 1. X-ray diffraction patterns of the 0.15Ca0.6(La0.9Y0.1)0.2667TiO3-0.85(Nd1/2La1/2)
(Mg(1+δ)1/2Ti1/2)O3 system with 1 wt% CuB2O4 additive sintered at various temperatures: (a) 1200 ◦C;
(b) 1225 ◦C; (c) 1250 ◦C; (d) 1275 ◦C; (e) 1300 ◦C; (f) 1325 ◦C for 4 h.
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The SEM results for the 0.15CYTO-0.85NLMTO ceramics with single additives in vary-
ing amounts, sintered at temperatures ranging from 1200 to 1325 ◦C for a duration of four
hours, are presented in Figure 2. The density of the ceramics exhibits an increasing trend
with higher sintering temperatures, reaching its peak value at 1250 ◦C due to enhanced
particle mobility and optimal packing efficiency. However, further elevation of temperature
can lead to detrimental effects such as excessive crystal growth, grain coarsening, and
defect formation. The findings obtained from EDS, as depicted in Figure 2c with labeled
spots A–D, have been meticulously documented in Table 1. These spots (A–D) correspond
to grains exhibiting distinct classifications: spot A represents large cubic structures; spot
B displays polygonal morphology; while spots C and D exhibit smaller rounded shapes.
Importantly, the atomic percentages determined through analysis of spots A–D closely
align with the expected ratio of 0.15CYTO-0.85NLMTO composition. These outcomes are
consistent with those obtained from XRD analysis and affirm the absence of any discernible
formation of secondary phases.

Figure 2. SEM photographs of 0.15Ca0.6(La0.9Y0.1)0.2667TiO3-0.85(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3

ceramics with 1 wt% CuB2O4 additive sintered at (a) 1200 ◦C; (b) 1225 ◦C; (c) 1250 ◦C; (d) 1275 ◦C;
(e) 1300 ◦C; (f) 1325 ◦C.

Figure 3 displays the variation in relative density of the (1−x)CYTO-x NLMTO ceram-
ics as a function of sintering temperature and the parameter x. Ceramics with different
x values exhibit a similar trend in response to temperature changes. The relative den-
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sity of the samples peaks at 1250 ◦C, highlighting a critical temperature where optimal
densification is achieved across all compositions. When x = 0.85, the observed relative
density reaches an impressive 95%, with an apparent density of 5.85 g/cm3, indicating
an exceptionally robust crystal structure. Such a high relative density suggests effective
packing and arrangement of particles, which positively contributes to the integrity and
quality of the crystal lattice. Additives of 1 wt% CuB2O4 were introduced into the sintering
process. It serves a multi-faceted role in influencing the material’s properties during the
sintering phase. By lowering the material’s melting point, it instigates the creation of a
liquid phase amid sintering, which leads to the enhancement of particle mobility and the
formation of larger crystal grains upon solidification [26]. Furthermore, CuB2O4 actively
promotes the bonding of adjacent particles throughout the sintering process, which results
in the development of a more interconnected and denser structure. Additionally, CuB2O4
facilitates the diffusion of atoms within the powder particles, improving atomic mobility.
This augmented diffusion process further stimulates the rearrangement of atoms during
sintering, ultimately fostering the growth of larger crystal grains. Moreover, the CuB2O4
additives may play a crucial role in reducing the surface energy of the particles. This re-
duction in surface energy facilitates the convergence of particles, making it easier for them
to come together and form larger grains. The lower surface energy actively encourages
particles to merge and coalesce during the sintering process.

Table 1. EDS analysis results for (1−x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3

ceramics with x = 0.85 sintered at 1250 ◦C.

Spot Element Atomic (%)

Ca La Y Ti O Nd Mg

A 10.2 5.5 0.45 18.5 60 1.5 3.85
B 9.8 4.9 0.61 17.1 61.74 1.91 3.94
C 9.9 5.2 0.49 16.2 62.93 1.45 3.83
D 10.1 6 0.48 15.3 62.63 1.39 4.1

Figure 3. Relative density of (1-x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3 ceram-
ics with 1 wt% CuB2O4 additive system sintered at various temperatures for 4 h.

The dielectric constants of the (1−x)CYTO-xNLMTO ceramics, with 1 wt% CuB2O4
additives, sintered at various temperatures for 4 h and considering different x values, are
presented in Figure 4. εr and densities consistently exhibit parallel trends across the range
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of sintering temperatures. Ceramics with higher density show elevated εr due to reduced
pore presence, thereby mitigating decay effects. Specifically, the εr value for the 0.15CYTO-
0.85NLMTO ceramics reaches saturation around 35 when sintered at a temperature of
1250 ◦C for 4 h. The dielectric constants of CYTO and NLMTO were measured as 111
and 27.6, respectively [32,33]. Notably, there is a decreasing trend in εr with increasing x
value attributed to lower dielectric constants observed in NLMTO ceramics; specifically,
the dielectric constants decrease from 48.52 ± 0.13 to 35.01 ± 0.14 as x values increase
from 0.55 to 0.85, respectively. This observed relationship aligns with the trends seen in
densities and sintering temperatures, where a higher density corresponds to lower porosity
levels. The interplay between εr values and sintering temperatures underscores the intricate
connection between material composition, porosity, and dielectric properties exhibited by
these ceramics.

Figure 4. Dielectric constant of the (1-x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3

ceramics with 1 wt% CuB2O4 additive sintered at various temperatures for 4 h.

The correlation between sintering temperature and the value of Q × f for different x
values is depicted in Figure 5. As expected, the Q × f value exhibits an increase with the
augmentation of NLMTO content, owing to its significantly higher quality factor compared
to CYTO. Several factors can influence microwave dielectric loss in dielectric resonators,
including lattice vibrational modes, pores, and secondary phases. Generally, a larger
grain size and smaller grain boundaries indicate reduced lattice imperfections leading to
decreased dielectric loss. Evidence supports the claim that phase transformation primarily
governs the dielectric loss in the (1−x)CYTO-xNLMTO ceramics system.

Figure 6 illustrates the temperature coefficients of τf for the (1−x)CYTO-xNLMTO
ceramics. Specifically, a τf value of 12.06 ± 0.6 ppm/◦C was achieved for 0.15CYTO-
0.85NLMTO ceramics that contained 1 wt% CuB2O4 additive and were sintered at 1250 ◦C
for 4 h. It is widely acknowledged that τf is influenced by various factors, including com-
position, additives, and the presence of secondary phases within the material. Generally, a
higher CYTO content tends to result in a more positive τf value.

Figure 7 showcases the simulation results for the band-pass filter utilizing a substrate
made of 0.15CYTO-0.85NLMTO ceramic material. The experimental implementation of
the band-pass filter using the same ceramic substrate is presented in Figure 8. Detailed
simulation results can be found in Table 2, whereas Table 3 outlines the performance
characteristics of the filter employing the 0.15CYTO-0.85NLMTO ceramic substrate when
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compared to FR4 and Al2O3 substrates. The differences between Figure 7 (Simulation
results) and Figure 8 (Measurement results) stem from the fact that the actual fabricated
substrate has gaps on its surface, and the printed conductive metal material surface is
not absolutely flat. Additionally, the simulation parameters do not account for the loss of
surface metal, nor do they include the loss parameters of SMA connectors. Therefore, there
will be slight differences between the simulation results and actual measurements. Notably,
this design approach leverages an electromagnetic (EM) simulator like IE3D to accurately
determine the physical dimensions of the filter.

Figure 5. Q × f value of (1−x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3 ceramics
with 1 wt% CuB2O4 additive system sintered at various temperatures for 4 h.

Figure 6. Temperature coefficient of the resonant frequency of (1−x)Ca0.6(La0.9Y0.1)0.2667TiO3-
x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3 ceramics with 1 wt% CuB2O4 additive sintered at various temper-
atures for 4 h.
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Figure 7. The simulation band-pass filter with 0.15Ca0.6(La0.9Y0.1)0.2667TiO3–0.85(Nd1/2La1/2)
(Mg(1+δ)1/2Ti1/2)O3 ceramic substrate (S11: Reflection Loss, S21:Insertion Loss).

Figure 8. The measured band-pass filter with 0.15Ca0.6(La0.9Y0.1)0.2667TiO3–0.85(Nd1/2La1/2)
(Mg(1+δ)1/2Ti1/2)O3 ceramic substrate (S11: Reflection Loss, S21:Insertion Loss).

Table 2. Simulation results of the band-pass filters with various dielectrics.

Substrate tanδ εr Size (mm2) Insertion Loss (dB) Return Loss (dB) fo (GHz)

FR4 0.015 4.5 24 × 64 2.5 23.9 2.4
Al2O3 0.003 9.8 15 × 42 1.5 21 2.4

0.15CLYT-0.85LNMT 0.0001 35 7.51 × 9.5 0.7 21.1 2.4

Table 3. The performance filter with (1−x)Ca0.6(La0.9Y0.1)0.2667TiO3-x(Nd1/2La1/2)(Mg(1+δ)1/2Ti1/2)O3

ceramic substrate.

f 0 (GHz) S11 (dB) S21 (dB) Bandwidth (%) Size (mm2)

0.15CLYT-0.85LNMT
simulation 2.4 −19.44 −0.37 10.1%

7.51 × 9.5
measured 2.4 −15.24 −1.69 10.3%

4. Conclusions

The dielectric characteristics of (1−x)CLYO-xNLMTO ceramics incorporating CuB2O4
sintering aids were systematically investigated in this study. The resulting ceramics exhib-
ited distinct perovskite structures. A non-linear variation in Q × f was observed, indicating
an increasing trend for compositions with x ≥ 0.5. Notably, the 0.15CLYO-0.85NLMTO
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composition, sintered at 1250 ◦C for 4 h, demonstrated exceptional dielectric properties
including a dielectric constant of 35 and a Q × f value reaching 81,900 GHz. Moreover, it
displayed a favorable τf at 15 ppm/◦C. These findings highlight the promising potential of
these ceramics for applications requiring high-performance dielectric materials.
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Abstract: ZnO and TiO2 are both well-known electron transport materials. Their comparison of
performance is considered advantageous and novel. Therefore, a viable electrospinning route was
considered for the development of highly polycrystalline TiO2 and ZnO nanofibers as an electron
transport material (ETM) for perovskite solar cells. The materials were well-characterized in terms of
different analytical techniques. The X-ray diffraction detected polycrystalline structural properties
corresponding to TiO2 and ZnO. Morphological analysis by scanning electron microscopy revealed
that the nanofibers are long, uniform, and polycrystalline, having a diameter in the nanometer range.
Optoelectronic properties showed that TiO2 and ZnO exhibit absorption values in the ultraviolet and
visible ranges, and band gap values for TiO2 and ZnO were 3.3 and 3.2 eV, respectively. TiO2 bandgap
and semiconductor nature were more compatible with Electron Transport Layer (ETL) compared to
ZnO. Electrical studies revealed that TiO2 nanofibers have enhanced values of conductivity and sheet
carrier mobility compared to ZnO nanofibers. Therefore, higher photovoltaic conversion efficiency
was achieved for TiO2 nanofibers (10.4%) compared to ZnO (8.5%).

Keywords: electrospinning; photoactive materials; metal oxides; charge transportation; solar cells;
X-ray diffraction; optoelectronic properties

1. Introduction

Since semiconductor nanomaterials have special features in nanoscale devices, there
has been significant interest in researching them. In particular, research has evolved to focus
on their use in solar energy-harvesting for photocatalysis, electricity, and environmental re-
mediation [1,2]. TiO2 and ZnO nanostructures, being significant semiconductors, have been
thoroughly investigated in the field of photovoltaics, particularly in relation to perovskite
solar cells (PSCs) [3]. They are preferred as electron transport materials (ETM) due to their
large specific surface area and 1D shape. TiO2 and ZnO offer a direct path for electron
movement. While some researchers claim that ZnO in a wurtzite or hexagonal structure
gives remarkable performance, others suggest that the crystalline characteristics of TiO2
nanostructures are more compatible with ETM [4]. Both ZnO and TiO2 nanofibers typically
have a surface area of 30–40 m2 g−1 and a broad distribution range of 80–300 nm. Due to
their main features of higher electron mobility, mesoporous TiO2- and ZnO-based ETMs for
PSCs exhibit remarkable photovoltaic performance [5]. Higher electron or carrier mobility
ideally supports higher current densities and improved open-circuit voltage. Furthermore,
a lower recombination rate is required to prevent PSCs from internal losses.

One-dimensional (1D) TiO2 nanomaterial production is documented in numerous
investigations, with the goal of using their large fiber dimensions and high surface areas.
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IMA electrospun TiO2 nanofibers were reported by Mohammed et al. to achieve an
acceptable performance (5.41%) in PSCs [4,6]. The primary parameters for adjusting
their optoelectronic characteristics are the electrode type, surface area, and photoabsorption
contact layer. Functional 1D TiO2 nanostructures, such as nanowires and nanofibers, were
investigated by XL Wang et al. for use in perovskite solar cells. TiO2 ETM was used in
PSCs to produce improved efficiencies of up to 5.9% by customizing their sizes, functional
groups, and band gap [7]. TiO2 nanofibers produced by sol-gel electrospinning were
reported to have better contact qualities and larger surface areas. Conversely, a faster rate
of photoactivity is induced by increased current density and enhanced electron mobility in
the oriented direction, which also results in one-dimensional (1D) ZnO being recorded in
perovskite solar cells [8]. Electrospun ZnO nanofibers were utilized as ETM to achieve a
sufficient band gap (3.3 eV) and improved electron mobility. ZnO nanofibers have shown
compatibility with perovskite solar cells and photoanode materials to achieve an efficiency
of up to 8.7% [9].

Fewer energy trap states exist between the valence and conduction bands in ZnO
nanofibers, which lowers losses [10]. ZnO surface modification and nanofiber diameter
optimization lead to a current density of 14.51 mA/cm2 in highly efficient perovskite solar
cells (PSCs) [11]. When compared to nanoparticles, electrospun TiO2 and ZnO nanofibers
with their 1D structure provide less quantum confinement and greater photovoltaic per-
formance [12]. A large body of research has been done recently on the production of ZnO
and TiO2 nanofibers via electrospinning under various processing conditions [13]. With an
ideal dopant concentration of 3%, indium-doped ZnO demonstrated enhanced structural
characteristics, adjusted the electronic band structure, and, as a result, demonstrated an
improvement in photocatalytic activity [1]. Using an electrospinning approach, highly
porous scaffold nanofibers of zinc tin oxide (Zn2SnO4) have been synthesized and suc-
cessfully applied to methyl ammonium lead halide (CH3NH3PbI3) perovskite-sensitized
solid-state solar cells. The optimized perovskite solar cell devices that were fabricated
demonstrated a power conversion efficiency (PCE) of 7.38% under AM 1.5 G sunlight
(100 mW cm−2), with an open-circuit voltage (VOC) of 0.986 V, current density (JSC) of
12.68 mA cm−2, and fill factor (FF) of 0.59. This is in comparison to perovskite solar cells
based on Zn2SnO4 nanoparticles (η = 2.52%) [14]. By careful addition of Mg nanofibers into
the ZnO substrate, charge extraction was promoted without sacrificing the charge transport
efficiency, leading to enhanced photovoltaic efficiency and an optimized band gap of 3.2
eV [15]. However, no paper has yet comparred the photovoltaic capabilities of ZnO and
TiO2 nanofibers synthesized under similar processing conditions [16].

In this study, electrospun pristine TiO2 and ZnO nanofibers were fabricated under
the same set of circumstances and conditions, including gel flow, syringe gauge, drying
conditions, discharge rate, and direct and negative voltages [17]. The materials for the
photoanodes were applied to the FTO under the same coating cycles and spin rates. The
ability of these potential photoanodes to transport electrons in perovskite solar cells was
examined. Through the use of Raman spectroscopy, X-ray diffraction, and scanning elec-
tron microscopy, the morphological and structural characteristics of both nanofibers were
examined. To determine the fundamental mechanism of improved performance, TiO2
and ZnO nanofibers’ optical, chemical, and electrical characteristics were examined. The
suggested 1D TiO2 and ZnO nanofibers, which were created exactly the same way, work
admirably as ETMs for perovskite solar cells.

2. Materials and Methodology

For the manufacture of titanium and zinc oxide nanofiber sol, Sigma-Aldrich, Austin,
TX, USA provided absolute ethanol (C2H5OH, Merck, Beijing, China) and acetic acid
(CH3CO2H, 99.7%, Sigma-Aldrich, Austin, TX, USA). Polyvinyl pyrrolidone (PVP, Mw
~29,000 Sigma-Aldrich, Austin, TX, USA), titanium tetra-isopropoxide (TTIP Assay 97%,
Sigma-Aldrich, Austin, TX, USA, and zinc acetate di-hydrate (Zn(CH3COO)2 H2O: Lab
97%, Aldrich, USA) were used as precursors for the electrospinning process. TiO2 and
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ZnO nanofiber collection was conducted using fluorine-doped tin oxide (FTO) glass. It
was decided to employ electrospinning, since it is a popular, quick, and easily controllable
technique for creating nanofibers [17]. MaBr (solution parameters such as viscosity, con-
centration, and surface tension), processing parameters such as applied voltage, spinning
distance, and nozzle radius, and environmental parameters such as temperature, humidity,
and atmosphere pressure, are the optimized conditions for producing nanofibers in the
fabrication of solar cells [12].

2.1. ZnO and TiO2 Nanofiber Synthesis

Figure 1 illustrates the process of electrospinning ZnO nanofiber synthesis. One hour
was spent stirring 40 mL of ethanol with 5 g of zinc acetate added. At 60 ◦C, 3 mL of acetic
acid and 2.5 g of PVP were added while stirring and allowed to stir further for 5 h. In order
to ensure optimal gelation, this was left to age for two days. A 0.45-mm needle tip diameter
syringe, diffusion pumps, collector and intake stages, and a DC power source make up
the electrospinning setup. The entire electrospinning apparatus for the manufacture of
nanofibers is shown in Figure 1. Using a needle (21 gauge) and a pumping velocity of
4000 rpm, these mixes were spun in an electric field of up to 20 kV. We used a direct voltage
of 18 kV and a negative voltage of 4 kV at the time of discharge. The solutions moved at a
rate of 5 mL/min, and there was a gap of 16 to 20 cm between the needle and the substrates.
Perovskite and hole transport material were deposited following the creation of nanofiber
Electron Transport Layer (ETL), as detailed in the section on the construction of solar cells.
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Figure 1. Electrospinning process and PSC fabrication for the ZnO nanofibers.

For the TiO2 nanofiber sol, 48 mL of ethanol was gradually mixed with 12 mL of TTIP.
After two hours of continuous stirring at 400 rpm, 2.5 g of PVP was added in stages and
stirred for 5 h at 60 ◦C. In order to obtain the correct gelation, this was aged for two days,
as Figure 2 illustrates.
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2.2. Solar Cell Fabrication

For solar cell fabrication, firstly, the ETL layer was deposited, followed by a perovskite
composition of methyl ammonium bromide (MABr, 0.2 mM). Dimethyl formamide (DMF,
0.8 mL, Sigma Aldrich, Austin, TX, USA) was mixed with dimethyl sulfoxide (DMSO,
0.2 mL, Sigma-Aldrich, Austin, TX, USA) in a 20 µL solution containing PbBr2 and PbI2
(0.2 mM, Sigma Aldrich, Austin, TX, USA), (1.1 mM, Sigma Aldrich, Austin, TX, USA),
with formamidinium iodide (FAI, 1 mM; Sigma Aldrich, Austin, TX, USA) and methyl
ammonium bromide (MABr, 0.2 mM, Sigma Aldrich, Austin, TX, USA). In order to deposit
this, ZnO and TiO2 nanofiber ETLs were coated using a spin-coating process for seven
seconds at 4500 rpm. Afterward, 90 µL of anhydrous chlorobenzene was added to help the
evenly deposited film crystallize. The film was left to dry for fifteen minutes at 100 ◦C on
a hot plate. Next, the HTL layer was coated using a mixture of spiro-OMeTAD (100 mg)
and chlorobenzene solution (1.094 mL, Nature chemicals, Islamabad, Pakistan). On the
absorber layer, this layer was once again spin-coated for 20 s at 2000 rpm. A glove box
filled with N2 was used for the entire fabrication procedure. Our device’s mask aperture
measured 15 mm by 15 mm, and its device area measured 25 mm by 25 mm. Finally, a
thermal evaporator was utilized to deposit 80 nm gold back electrodes while maintaining a
vacuum of 10−7 Torr.

2.3. Characterizations

Using an X-ray detector, Sigma Aldrich, Austin, TX, USA with a radiation wavelength
of 1.5418 Å and a Bragg–Brentano configuration, the D8 Advance (Bruker Advanced, Berlin,
Germany) was used to estimate the structural parameters and assess the impact of the
TiO2 and ZnO structures. The samples were scanned with a step size of 0.05◦/5 s, with
a range of 2θ = 10◦ to 80◦. To investigate the XRD analysis, DIFFRAC Plus EVA Version
5.0 software was utilized. A 514 nm excitation laser was used to corroborate the phase
composition analysis of the nanofibers using RENISHAW Invia 2000 Raman spectroscopy,
Bruker Advanced, Berlin, Germany. Using a JEOL JSM6490A scanning electron microscope
(SEM) (Astoon, Tokyo, Japan), the morphology of the nanofiber samples was examined.
Prior to sample analysis, all samples were coated with gold for one minute in order to obtain
clear images free of charge accumulation. The Model UH4150AD UV-Vis-NIR, Bruker
Advanced, Berlin, Germany was used to conduct UV-vis spectroscopy (300 nm–800 nm).
Attenuated total reflection mode on the Cary 630 (Agilent Technologies, Austin, TX, USA)
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was utilized to conduct Fourier transform infrared spectrophotometry (FTIR). Electrical
tests, conductivity, sheet resistance, and sheet carrier mobility were carried out using a
Swin system, Austin, TX, USA with a 5300 G magnetic field at a temperature of 300 K [10].
Under a sunlight simulator (Newport 94043A, Austin, TX, USA, Bruker Advanced, Berlin,
Germany), AM 1.5 simulated light (100 mW cm−2) was used to test the properties of solar
cells and current density-voltage (J-V). The scan was conducted in reverse, with a speed of
10 mV s−1 and a dwell duration of approximately 1 s for each 10 mV step. Using a Xenon
lamp, Austin, TX, USA at 1.5 AM sun illumination and a Keithley 2400 source meter, Berlin,
Germany calibrated to a silicon reference cell, initial JV parameters were determined. Prior
to measurements, a silicon photodiode was used for calibration.

3. Results and Discussion

To investigate the crystal structure, crystallographic phases, and peaks at diffracted
sites, XRD analysis was carried out. The fundamental composition of materials and their
crystal planes were assessed by this analysis. Following calcination, the XRD spectra of
ZnO and TiO2 nanofibers were measured between 12.5◦ and 80◦ (Figure 3a). Zinc oxide
nanofibers exhibit the wurtzite phase, while Titania exhibits the anatase phase, upon
annealing at 450 ◦C and the removal of the binder. This provides the crystal’s unique
crystalline properties and crystallinity. An XRD examination of TiO2 nanofibers shows
that peaks at 2θ of 25.5◦, 38.52◦, 48.49◦, 54.09◦, 55.62◦, and 63.80◦, correspond to (101),
(004), (200), (105), (211), and (204) planes, respectively. Peaks were identified for a sintered
sample at ambient temperature using JCPDS Nos. 21–1272 and 29–1363 [18]. There were
no impurity peaks found in the TiO2 nanofibers, and the peaks of (101) at (2θ = 25.5◦) were
substantially stronger than the other peaks [19]. The relative intensity and its maxim were
aligned with the anatase TiO2 general perturbation pattern, which shows a preferential
growth of the (101) plane. Five primary peaks were seen in the ZnO spectra; these peaks
corresponded to crystallographic planes (100), (002), (101), (102), (110), (103), (200), (112),
and (201), which generally represent the hexagonal wurtzite structure of ZnO [20]. This
observation, which is associated with the structure of polycrystalline ZnO nanofibers,
correlates well with ZnO’s JCPDS (36–1453) and shows no impurity peaks. (Figure 3a).
These nanofibers’ distinct, sharp peaks reflected how annealing produces well-oriented
nanofibers with specified planes and an appropriate dislocation density. The formation of
polycrystalline nanofibers is significantly impacted by the annealing temperature, since this
is the stage where the sintering of nanodomains and removal of the binder take place [21].

Raman spectra are used to support the crystallographic analysis obtained via XRD. The
Raman spectra of both fibers were obtained in the 250–3250 cm−1 range, which is consistent
with the XRD results. Photoactive materials can be studied using Raman spectroscopy,
which uses the inelastic scattering of light by phonon quanta with the energy of lattice
vibrations. The perovskite material absorbs this energy and uses it to create holes and
electrons. Raman scattering of the production or annihilation of a phonon affects the
mobility and generation of electrons and holes. Due to their higher resonance, the polar
bonds of O–O in the Titania lattice, such as the Eg, A1g, and B1g modes, have much greater
intensities. The phonon mode of TiO2, which peaks at 527 cm−1, becomes active due to
tensile stresses that impact the solar cell devices’ light conversion efficiency. ZnO’s Raman
spectra showed an A1T phonon mode at 436.5 cm−1, whereas the phonon frequency of T2H
indicated a strong mode at 638.5 cm−1. Phonons are scattered and absorbed due to the
wurtzite crystal structure’s limited phonon frequency. Regarding anatase TiO2 fibers, three
peaks were observed: the Eg, A1g, and B1g modes were located at 648, 405, and 527 cm−1,
in that order [22]. These have a structure that is quite similar to anatase Titania. ZnO’s
Raman spectra showed an A1T phonon mode at 436.5 cm−1, whereas the phonon frequency
of T2H indicated a strong mode at 638.5 cm−1. A restricted phonon frequency like this
is only seen in the crystal structure of wurtzite. Yang et al. have previously noted the
TO phonon frequency redshift in ZnO nanofibers relative to TiO2 [23]. The second-order
phonon mechanism at 1538.5 cm−1 is also highlighted, as in Figure 3b.
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Using images from scanning electron microscopy, the surface morphology of the
porous network made of nanofibers was examined. Attaining a high interface for electron
conduction requires semiporous, fine, elongated, and homogeneous nanofibers. Better light
absorption and consequent electron extraction from the perovskite material’s conduction
band are made possible by these nanofibers’ properties. The ideal electrospinning setup
settings and a controlled production rate result in the formation of fibers with the ideal
shape. The collector at FTO was positioned in accordance with the characteristics of the
nanofibers in order to produce a dense and ideal collection of nanofibers. Nanofiber for-
mation is extremely dependent on sol-gel viscosity; at very low concentrations, nanofibers
do not form [24]. Taking into consideration the previously mentioned characteristics, we
considerably fine-tuned the processing settings to produce fibers suitable for ETL.
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Figure 4a–c displays SEM images of the synthesized ZnO and TiO2 nanofibers fol-
lowing the annealing process. As anticipated, the spontaneous fiber extrusion via the
electrospinning jet resulted in the nanofibers being localized at different orientations. There
was no aggregation, and every fiber was uniformly produced and extended. Zinc oxide
nanofiber films and nanoporous Titania form on the substrate as a result of this. The
deposited ZnO and TiO2 sheet has a large number of nanofibers with diameters of less than
0.5 µm, providing a suitably high interface for charge extraction from the absorber layer.
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When compared to ZnO, TiO2 nanofibers are more homogeneous, elongated, and
dense. The maximal conduction of photogenerated electrons from the valence band to
the conduction band is achieved by the extremely dense structure of TiO2 nanofibers.
Additionally, the TiO2 fibrous structure facilitates a more aligned electron path that results
in the maximum current densities. Additionally, it causes the electrons from the perovskite
layer to diffuse efficiently. The fibers’ shape was consistent across the FTO-glass substrate,
twisted in certain places, and uniformly porous. The side view of the entire PSC device is
displayed in Figure 4c, which prominently displays the glass/FTO/ZnO nanofiber-based
ETL/MAPbI3 (absorber layer)/spiro-OMeTAD/Ag, respectively. Figure 4c shows that the
perovskite has been properly infused into the ETL nanofibers. Using an optical profilometer,
the thickness of the electron transport layer (ETL), including ZnO and TiO2 nanofibers
(440 nm), was determined.

As seen in Figure 5a,b, optical characterization of photoanodes based on TiO2 and
ZnO nanofibers was performed to verify the absorption range, edge, and the band gap
analysis for both samples. Photoexcitation is primarily due to semiconductor materials’
absorption of ultraviolet (UV); it can also be due to absorption of near-UV visible light. Only
a specific percentage of the light—that is, light that is greater than the bandgap—is absorbed.
The exciton, or electron-hole pair, that results from photoexcitation initiates photocatalysis.
Using a UV-visible spectrophotometer, the radiation absorption of nanofibers was measured
in the 220–800 cm−1 range. Both ZnO and TiO2 exhibited high energy spectrum absorption,
as seen in the Figure 5, while low energy photons continued to flow through, which is
necessary for the perovskite absorber layer [25,26]. A transparent ETL can be formed since
the spectra show that a significant portion of absorption occurs in the ultraviolet (UV) and
near-UV regions.
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The sample bandgap was determined using the Tauc plot, which indicates the lowest
energy needed for photoexcitation. Equation (1) was used to convert wavelength into
energy and determine the bandgap of each sample:

E = hc/ň (1)

In this case, “E” stands for energy, “h” for Planck’s constant, “E” for wavelength, and
“c” for the speed of light. The indirect bandgap of Titania is around 3.3 eV. The exciton band
gap (Eg = 3.2 eV) is visible in the ZnO absorption spectra. The photoexcited electrons are
transferred from the perovskite to the FTO glass by these appropriate bandgaps, which also
supply the necessary Fermi energy level. Improved charge transport reduces energy loss,
allowing the solar cell to have higher current densities and a higher open-circuit voltage.
In comparison to Titania, ZnO had a marginally smaller band gap; however, Titania gives
a more favorable band gap for fermi electron movement from the valence band to the
conduction band.

As seen in Figure 5c, Fourier transform infrared spectroscopy analysis was used to find
each group of function in the 720–4000 cm−1 range. Both nanofibers show characteristics
peaks around 3200–3600 cm−1 associated that is associated with the OH bond’s vibration,
while bending of OH appears at 1630 cm−1 [27]. On the surface of nanoparticles, dangling
bonds give rise to these hydroxyl groups. The extended stay time of excitons and their
absorption are caused by these hanging bonds, creating defect states. It is therefore antici-
pated that the functional surface will have increased photocatalytic activity. The hydrolysis
reaction, which remains pendent at the surface, primarily forms Ti–OH bonds. Compared
to Titania, ZnO exhibited somewhat more hydroxyl functional groups. A surface with this
kind of functionality offers a more robust interface for the perovskite layer to adhere to [28].
However, the increased moisture absorption of such hydrophilic groups decreases the life
of solar cells [29–31].

Characterizing the values of sheet resistance, conductivity, resistivity, and sheet carrier
mobility was done using the Hall Effect swing system. Four probing approaches were
employed to determine the conductivity characteristics of the nanofiber films. The resistiv-
ity, sheet resistance, carrier mobility, and conductivity of the two samples are contrasted
in Table 1. The resistivity of pure TiO2 is 7.6 × 103 Ω cm, but that of ZnO nanofibers is
9.8 × 103 Ω cm. Due to its slower electron transport compared to TiO2, zinc oxide exhibits
higher resistance. TiO2 offers an even and straight channel for the movement of electrons.
It decreases resistivity by accelerating the diffusion of photoelectrons. The conductivity of
the pure ZnO sample is 1.12 × 10−4 1/Ohm-cm, whereas pure TiO2 has a conductivity of
1.28 × 10−4 1/Ohm-cm.

Table 1. Conductivity, resistivity, sheet resistance, and sheet carrier mobility for both samples.

Sr Conductivity
1/Ohm-cm

Resistivity
Ohm-cm

Sheet Resistance
Ohm-sq

Sheet Carrier
Mobility

TiO2 1.28 × 10−4 7.6 × 103 4.3 × 108 1.52 × 10−2

ZnO 1.12 × 10−4 9.8 × 103 5.3 × 108 1.4 × 10−2

TiO2 is a more conductive substance than ZnO because conductivity is reciprocal
to resistance. TiO2 will help electrons move more quickly. As a result, the sheet resis-
tance of the pure ZnO sample is 5.3 × 108 Ohm-sq. The sheet resistance of pure TiO2 is
4.3 × 108 Ohm-sq. ZnO’s photoactivity will be reduced since the electrons in this com-
pound will encounter greater sheet resistance along their route. A carrier mobility of
1.4 × 10−2 cm2/Vs was obtained from the pure ZnO sample. The carrier mobility of pure
TiO2 is 1.52 × 10−2 cm2/Vs. This suggests that TiO2 has slightly higher absorption of
light and a tuned electrical band structure. These characteristics will help improve TiO2’s
electron conduction and reduce resistance losses. Improved electron conduction leads to
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a higher current density, which raises solar cell efficiency. In general, TiO2 exhibits more
favorable electrical characteristics than ZnO, including effective electron transport [32].

Electrochemical impedance spectrum (EIS) measurements were characterized to un-
derstand the charge transfer behavior of the solar cells. Figure 6a shows the Nyquist plots
of solar cells based on TiO2 and ZnO nanofibers. The EIS show two arcs. The arc with
higher frequency represents interface contact resistance, while low frequency generally
represents recombination resistance (Rrec) and chemical capacitance (Cµ) of the device.
Figure 6b shows an equivalent circuit for fitting the EIS. Table 2 also lists all the fitting
values. The solar cells fabricated from TiO2 nanofibers have smaller series resistance and
larger recombination resistance compared to ZnO nanofibers. This shows that the charge
transport ability was modified by TiO2 nanofibers, thereby reducing carrier recombination.
There are numerous bulk trap states as well as surface trap states due to oxygen vacancies
in ZnO. TiO2 can decrease the trap density, probably due to oxygen vacancy reduction.
The smaller series resistance in the case of TiO2 nanofibers is attributed to the decreased
traps density.
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Table 2. EIS measurement values.

Sr Rrec/Ohm Rs/Ohm Rco/Ohm CPE-T/F

TiO2 12.8 27.1 25.9 5.7 × 10−6

ZnO 68.8 33.9 57.9 6.5 × 10−6

As seen in Figure 7a, external quantum efficiency (EQE) was calculated for both TiO2
and ZnO nanofiber photoanodes with perovskite in order to determine the cause of the
Jsc boost. According to reports, the EQE is the result of charge injection/transfer, charge
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collecting, and light harvesting efficiency. In the range of 400 to 780 nm, the EQE spectrum
of TiO2 photoanodes exhibits a broad peak value of almost 90%, whereasthat of ZnO
photoanodes shows a broad peak value below 80%. The creation of high-performance cells
and their simple planar shape validates the superior potential of TiO2 nanofibers over ZnO
nanofibers in solar applications.
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ZnO photoanodes.

The integral of the current density from External Quantum Efficiency (EQE) curves is
a key parameter for evaluating the performance of photovoltaic devices, such as the solar
cells shown in Figure 7b. The EQE curve represents the fraction of incident photons that are
converted into electrical current at each wavelength of light. In our devices, the integrated
photocurrent density for the ZnO photoanode is 16 mA cm−2, while for TiO2, its value is
18 mA cm−2. The integrated current density derived from the EQE spectra in Figure 7b is
close to the Jsc measured under simulated sunlight.

A PL spectrophotometer was used for the characterization of charge recombination
dynamics in perovskite solar cells. The electron and hole recombination of TiO2 and ZnO
were compared using photoluminescence (PL) spectra, as shown in Figure 8a. The high
peak intensity of ZnO shows a higher direct recombination of electron-hole pairs. In
contrast, TiO2 nanofibers decrease the recombination of charges, thus resulting in better
charge separation and associated photo-conversion efficiency. Charges have longer dwell
times, hence charges can participate in photo-conversion efficiency for longer times.

Time-resolved photoluminescence spectra (TRPL) of undoped TiO2/perovskite and
ZnO/perovskite were recorded using a fluorometer, as shown in Figure 8b. The TRPL
measurements were characterized by a bi-exponential decay function, with a full fast
decay (τ1) component and a slow decay component (τ2). Free carrier transportation from
perovskite to TiO2 results in the fast decay component, while radiative decay results in the
slow decay component. In the case of ZnO nanofibers, the fast decay time is 55.1 ns, and
the slow decay time is 121.4 ns, while their weight fractions are 31.3 and 67.7%, respectively.
In the case of TiO2 nanofibers, the fast decay lifetime is decreased to 36.4 from 55.1 ns, and
the slow decay lifetime to 109.5 from 121.4 ns, while the weight fraction of fast decay is
increased to 35.1 from 31.3%. It is concluded that the TiO2/perovskite interface presents a
faster charge transfer and induced charge recombination than the ZnO/perovskite interface.
The stability and efficiency of the solar cells based on TiO2 and ZnO nanofibers could be
due to the property change of the ETM, which affects the charge behavior at the interfaces.
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Figure 8. (a) PL spectra for TiO2/perovskite, ZnO/perovskite, and glass/perovskite nanofibers;
(b) TRPL spectra for TiO2/perovskite and ZnO/perovskite nanofibers.

J-V measurements were performed to determine solar cell characteristics and to assess
how TiO2 and ZnO nanofibers affected the performance of solar cells. Figure 9 illustrates
the JV performance of photoanodes built on titanium and zinc oxide nanofibers. Table 3
also provides a summary of all performance metrics. The current density (Jsc) of ZnO
nanofibers was 17.77 mA/cm2, while TiO2 had a Jsc of 20.68 mA/cm2. This increase is the
result of TiO2’s improved conductivity of the ETL, which makes it possible for perovskite
solar cells to efficiently use photons for energy harvesting [33]. As a result of TiO2’s superior
charge transport characteristics over ZnO, more electrons are drawn to the external circuit,
leading to a larger Jsc. In addition to effectively accelerating electron transport and lowering
recombination rates to increase Jsc, band alignment with TiO2 also produces effective ETLs.
TiO2’s transparency contributes to increased Jsc values and improved light absorption by
the perovskite layer. Jsc is much better with TiO2 nanofibers ETL, which may be due to
better band alignment. The electrons easily move from the perovskite conduction band to
the TiO2 conduction band due to appropriate band alignment.
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Table 3. PSCs J-V parameters based on TiO2 and ZnO nanofibers.

PSC Voc (V) Jsc
(mA/cm2)

Shunt Resistance
(Ohm)

Series Resistance
(Ohm) FF η (%)

ZnO 0.82 17.77 52,278.68 205.423 0.59 8.5

TiO2 0.83 20.68 53,469.8 197.553 0.61 10.4

Because holes have a higher mass than electrons, electrons have a higher mobility
than holes. This is due to the fact that holes, which are often the space left by missing
electrons, have a fixed orbit around atoms. The movement of electrons is favored by the
electron transport structure, which raises conductivity and electron transport properties.
Higher electron concentrations reduce charge recombination by increasing charge mobility.
Furthermore, the conduction band and Fermi level tuning facilitate improved electron
quenching to TiO2 from the perovskite layer. Effective electron transport loops (ETLs) that
aggressively suppress holes and recombination rates are produced by band alignment with
TiO2. Effective charge separation is possible because band alignment and conduction work
together to limit electron-hole recombination and preserve their energy barrier [34]. Fur-
thermore, TiO2 nanofiber-based ETL proved successful in continuous electronic pathways;
as a result, greater FF is achieved with improved electrical conductivity. One term for the
increase in FF is “lowered series resistance” [11,35–37]. TiO2 showed an efficiency of 10.4%,
while ZnO demonstrated an efficiency of 8.5%. TiO2 exhibits superior Jsc due to its efficient
electron transport, which also results in less charge recombination. Increased electron
transport from the valence band to the conduction band as a result of an optimized and
tuned bandgap leads to increased efficiency. In conclusion, the TiO2 nanofiber-fabricated
ETL offers improved energy harvesting and perovskite solar cell efficiency [38].

The performance of our proposed ZnO and TiO2 nanofibers was comparable to that
of previously reported nanofibers, as shown in Table 4. Compared to other photoanodes,
our materials are low-cost and earth-abundant, making them advantageous in commer-
cial applications.
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Table 4. Comparison of the performance of different nanofiber ETL-based PSCs.

PSC Jsc (mA cm−2) Voc (mV) FF η (%) Ref

In-doped ZnO nanofibers 23.0 1000 70 16.10 [39]

Al doped Cu-ZnO 18.6 1080 70.77 14.18 [38]

TiO2 fiber 4.02 1060 73.0 3.11 [35]

Pristine-TiO2 NFs 23.32 1013 67.0 15.82 [3]

Ag doped CuO NFs 17.8 890 53.8 8.7 [40]

ZnO NFs 18.1 670 58.1 7.05 [41,42]

TiO2 NFs 20.68 830 0.61 10.4
Our work

ZnO NFs 17.77 820 0.59 8.5

In our optimized ZnO nanofibers, the current density is 17.77 mA cm−2, possessing
an efficiency 8.5%. For whole TiO2 nanofibers, the current density is 20.68 mA cm−2,
possessing an efficiency 10.4%.

4. Conclusions

In conclusion, the electrospinning method was effectively used to synthesize ZnO
and TiO2 nanofibers on the same scale and under the same parameters, which were then
annealed at 450 ◦C. TiO2 and ZnO polycrystalline nanofibers were produced following the
elimination of PVP during the annealing process, according to XRD spectra. The Raman
spectra and the XRD data also revealed the polycrystalline nature of the nanofibers. It is
evident from scanning electron microscopy images that ZnO and TiO2 nanofibers are long,
fibrous, and continuous in shape. Both zinc oxide as well as Titania nanofibers exhibit
promising absorption spectra, with bandgaps of 3.2 and 3.3 eV, respectively, according
to a preliminary characterization for photoactivity. According to Hall measurements,
TiO2 nanofibers have a greater conductivity of 1.28 × 10−4 Ohm/cm compared to ZnO
nanofibers, which showed 1.12 × 10−4 Ohm/cm. TiO2 decreases the trap density probably
due to oxygen vacancy reduction. The smaller series resistance in the case of TiO2 nanofibers
is attributed to the decreased trap density. TiO2 nanofibers had a higher conversion
efficiency of 10.4% compared to 8.5% for ZnO, owing to their superior conductivity. TiO2
will, therefore, have more photoactivity for energy harvesting if it is synthesized under the
same processing conditions as ZnO.
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Abstract: In this study, Ce2[Zr1−x(Ba1/3Nb2/3)x]3(MoO4)9 (0.02 ≤ x ≤ 0.1, CZ1−xNx) ceramics were
sintered at 600 ◦C and 700 ◦C using the traditional solid-state method. An analysis conducted through
XRD and Rietveld refinement confirmed that all the CZ1−xNx ceramics displayed a single phase
with a trigonal structure (space group R-3c). The observed increases in cell volume with increasing x
values indicate the successful substitution of (Ba1/3Nb2/3)4+. The high densification of the synthesized
phase was validated by the density and SEM results. Additionally, the P-V-L theory demonstrates
a strong correlation between the Ce-O bond and εr, as well as τf, and between the Mo-O bond and
Q×f. Notably, the CZ0.98N0.02 ceramics demonstrated superior performance at 675 ◦C, exhibiting
εr = 10.41, Q×f = 53,296 GHz, and τf = −23.45 ppm/◦C. Finally, leveraging CZ0.98N0.02 ceramics as
substrate materials enabled the design of a patch antenna suitable for the 5G communication band,
demonstrating its significant potential in this field.

Keywords: Ce2[Zr1−x(Ba1/3Nb2/3)x]3(MoO4)9; Rietveld refinement; P-V-L theory; patch antenna

1. Introduction

The advent of 5G has precipitated the rapid advancement of novel technologies such
as autonomous driving, intelligent transportation, and smart manufacturing, marking the
onset of an era characterized by the intelligent interconnection of all things. Microwave
dielectric ceramics play a pivotal role in the evolution of 5G technology due to their substan-
tial market size. Furthermore, 5G technology necessitates lower signal latency, increased
information-carrying capacity, and broader coverage, imposing heightened requirements
on related microwave components [1–5]. It is noteworthy that materials with low dielec-
tric constants (εr) offer advantages such as enhanced signal transmission speed, reduced
coupling loss between ceramic substrates and metal electrodes, and a high-quality factor
(Q×f ), rendering them the preferred choice for 5G technology. The nearly zero temperature
coefficient of resonant frequency (τf) exhibited by ceramic substrates also constitutes an
essential factor in maintaining signal stability within communication technology [6–9].
Furthermore, the utilization of low-temperature co-fired ceramics (LTCC) technology con-
tributes to enhanced circuit density, facilitating device miniaturization and compliance
with current environmental standards. This renders LTCC technology a highly promising
multi-layer ceramic packaging solution. In LTCC technology, the firing temperature is
typically maintained at a lower range of 800 ◦C to 900 ◦C to accommodate the sintering
of ceramic materials with Au (melting temperature 1063 ◦C), Ag (melting temperature
961 ◦C), and Cu (melting temperature 1084 ◦C) electrode materials [10]. Notably, Mo-based
ceramics have garnered attention from researchers due to their comparatively low sintering
temperature and reduced losses [11,12].

Ceramics 2024, 7, 1172–1186. https://doi.org/10.3390/ceramics7030077 https://www.mdpi.com/journal/ceramics51
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In the double-molybdate system, Re2Zr3(MoO4)9 (Re = rare earth elements) has been
reported to exhibit superior performance and can be synthesized at temperatures below
900 ◦C, showing great potential for development in LTCC applications [13–15]. Within
this system, the Eu2Zr3(MoO4)9 ceramics demonstrate exceptional performance (εr = 10.75,
Q×f = 74,900 GHz, τf = −8.88 ppm/◦C), and they can be synthesized at 600 ◦C [15]. It
is noteworthy that Tao et al. [12] and Shi et al. [16] have documented the low sintering
temperature of Ce2Zr3(MoO4)9 (CZM) ceramics (575 ◦C and 750 ◦C respectively), along
with their lowest τf value (−1.29 ppm/◦C and −7.10 ppm/◦C), indicating significant
commercial application potential. However, the relatively low Q×f value (19,062 GHz and
24,720 GHz) of the CZM ceramics limits further scalability. Significant progress has been
achieved in the doping and modification of CZM ceramics in recent years, representing an
exciting development. Zheng et al. conducted studies on the substitution of Sn and Ti at the
Zr site, resulting in Q×f value increases to 72,390 GHz and 84,200 GHz, respectively, while
maintaining the τf value around −10 ppm/◦C [17]. Furthermore, research on complex ion
substitution at the Zr sites of CZM ceramics has expanded the range of substitution ions
for performance enhancement. For instance, Xu et al. successfully elevated the Q×f value
to 100,954 GHz at 750 ◦C by replacing the Zr site of CZM ceramics with (Zn1/3Sb2/3)4+.
Xu et al. optimized the Q×f value to 59,381 GHz at 675 ◦C by substituting (Zn1/3Nb2/3)4+

for Zr in CZM ceramics [18]. Pan et al. also achieved an increased Q×f value of 82,696 GHz
at 775 ◦C by replacing the Zr site with (Sr1/3Sb2/3)4+ [19]. It is evident that when using the
pentavalent ion Nb for complex ion substitution in CZM ceramics, generally, a lower firing
temperature is observed. Therefore, further research is warranted on (Ba1/3Nb2/3)4+ as a
highly promising substitution ion in CZM ceramics.

This study presents a novel enhancement of the performance of CZM ceramics through
the incorporation of (Ba1/3Nb2/3)4+ for the first time and, further, an examination of its
impact on the microstructure and sintering characteristics of CZM ceramics. The Phillips-
Van Vechten-Levine (P-V-L) valence bond theory is an analytical approach for investigating
the correlation between properties and bonding characteristics. Therefore, the structure
and properties of Ce2[Zr1−x(Ba1/3Nb2/3)x]3(MoO4)9 (0.02 ≤ x ≤ 0.1, CZ1−xNx) ceramics
were elucidated using the P-V-L theory. Additionally, a patch antenna tailored for the 5G
communication band was developed based on the CZ0.98N0.02 ceramic substrate.

2. Experimental Section

Following the stoichiometric ratio required for CZ1−xNx ceramics, high-purity CeO2
(>99.9%, Macklin, Shanghai, China), ZrO2 (>99.99%, Macklin, Shanghai, China), BaCO3
(>99.99%, Macklin, Shanghai, China), Nb2O5 (>99.99%, Macklin, Shanghai, China), and
MoO3 (>99.5%, Macklin, Shanghai, China) powders were precisely weighed and synthe-
sized via the conventional solid-phase reaction route. Initially, the weighed powders were a
ball mill with zirconia balls and ethanol for 15 h of milling. Subsequently, the homogeneous
slurry was extracted and subjected to drying at 80 ◦C in an oven. The resulting dried pow-
ders were then sieved through a 200-mesh screen and transferred to an alumina crucible.
The precursor was formed by sintering the powder at 600 ◦C in a muffle furnace for 2 h.
This precursor was then blended with 8 wt.% PVA before being pressed into cylindrical
green bodies in a cylindrical mold under 200 MPa pressure. Finally, the cylindrical green
bodies were placed in an alumina crucible and subjected to sintering at 600 to 700 ◦C in an
air atmosphere for 4 h.

The phase of CZ1−xNx ceramics was determined using an X-ray diffractometer (XRD)
model BRUKER D8 ADVANCE in ambient air at room temperature, and the data were
refined employing the Rietveld method. The apparent density of CZ1−xNx ceramics was
measured by the Archimedes displacement method at a test water temperature of 25.5 ◦C.
The surface morphology of CZ1−xNx ceramics was characterized using a scanning electron
microscope (SEM) model JEOL JSM-IT200. The εr and τf values of CZ1−xNx ceramics were
measured utilizing a vector network analyzer, model N5234A, from Agilent for TE011 mode.
The τf value was determined by measuring the resonant frequency of the sample at 25 ◦C
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(f 25) and 85 ◦C (f 85) using a temperature chamber, and then calculated using Equation (1).
The Q×f value of CZ1−xNx ceramics was obtained through the closed-cavity method in
TE01δ mode [9]. Furthermore, the patch antenna of CZ1−xNx ceramics was designed by
initially calculating the values for radiation patch length (Lp), width (Wp), and feed position
(Xf and Yf) based on εr and the designed center frequency (f 0), followed by optimization
using ANSYS HFSS software [20,21].

τf =
f85 − f25

60 f25
(1)

Wp =
c

2 f0

(
εr + 1

2

)−0.5
(2)

Lp =
c

2 f0
√

εe
− 2∆L (3)

∆L = 0.412h
(εe + 0.3)(Wp

h + 0.264)

(εe − 0.258)(Wp
h + 0.8)

(4)

εe =
εr + 1

2
+

εr − 1
2

(
1 +

12h
Wp

)−0.5
(5)

ξre(L) =
εr + 1

2
+

εr − 1
2

(
1 +

12h
Lp

)−0.5
(6)

X f =
L

2
√

ξre(L)
(7)

Yf = 0 (8)

where c represents the speed of light, ∆L denotes the corrected length, εe signifies the effec-
tive dielectric constant, and h stands for the thickness of the CZ1−xNx ceramics substrate.

3. Results and Discussion

The XRD patterns of CZ1−xNx ceramics sintered at the optimum temperature are
depicted in Figure 1. All diffraction peaks of the CZ1−xNx ceramics exhibit identical po-
sitions to those of Pr2Zr3(MoO4)9 (PDF# 51-1851), with no additional diffraction peaks
observed [17,18]. This observation suggests that (Ba1/3Nb2/3)4+ was successfully incorpo-
rated into the crystal lattice of the CZM ceramics, forming a trigonal structure (space group
R-3c) within the CZ1−xNx solid solution. Furthermore, as the value of x increases, all diffrac-
tion peaks of CZ1−xNx ceramics display a leftward shift, which is attributable to the larger
ion radius of (Ba1/3Nb2/3)4+ (1.41 Å, CN = 6) compared to that of Zr4+ (0.72 Å, CN = 6) [22].
This finding further validates the successful substitution by (Ba1/3Nb2/3)4+ at Zr sites in the
CZM ceramics. To investigate the influence of the (Ba1/3Nb2/3)4+ on the crystal structure
of the CZM ceramics, the diffraction peaks of the CZ1−xNx ceramics were refined using
the Rietveld method, as illustrated in Figure 2 and Table 1. Figure 2 demonstrates a good
match between the measured and fitted diffraction peaks. Furthermore, the Rp, Rwp, and
χ2 values obtained after the refinement are all within 10, indicating the reliability of the
refined structure [23]. The crystal lattice parameters of the CZ1−xNx ceramics are depicted
in Figure 3. Owing to the disparity in ionic radii, the collective values of a, b, c, and Vm
exhibit an increasing trend with higher substitution levels, corresponding to the shift of the
peaks observed in the XRD pattern.
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Figure 1. XRD patterns of CZ1−xNx ceramics sintered at the optimal temperature with different
x values.

Figure 2. Rietveld refinement of CZ1−xNx ceramics at the optimal sintering temperature with different
x values.

Figure 3. Lattice parameter changes (a) a and b, (b) c, and (c) Vm of CZ1−xNx ceramics as a function
of x values.
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Table 1. The lattice parameters and reliability factors of CZ1−xNx ceramics sintered at the optimal
sintering temperatures.

x
Lattice Parameter Reliability Factors

a = b (Å) c (Å) α = β (◦) γ (◦) Vm (Å3) Rp (%) Rwp (%) χ2

0.02 9.8405 58.9013 90 120 4939.56 6.17 8.07 2.52
0.04 9.8356 58.8950 90 120 4934.08 5.25 6.65 1.70
0.06 9.8337 58.8883 90 120 4931.71 5.60 7.06 1.85
0.08 9.8404 58.9261 90 120 4941.58 4.96 6.31 1.49
0.10 9.8445 58.9552 90 120 4948.08 4.76 6.08 1.49

The crystal structure of the CZ1−xNx ceramics is illustrated in Figure 4. The CZ1−xNx
ceramics consist of [CeO9] polyhedra, [ZrO6] polyhedra, and [MoO4] tetrahedra intercon-
nected with each other. Ce atoms are coordinated with 9 × O atoms (3 × O(1), 3 × O(2),
and 3 × O(6)) to form [CeO9] polyhedra. Both Zr(1) and Zr(2) atoms are coordinated with
6 × O atoms (Zr(1): 6 × O(4), Zr(2): 3 × O(1) and 3 × O(5)) to form [ZrO6] polyhedra.
Similarly, both Mo(1) and Mo(2) atoms are coordinated with four O atoms (Mo(1): O(1),
O(2), O(3), O(4), Mo(2): 2 × O(5) and 2 × O(6)) to form [MoO4] tetrahedra. In the CZ1−xNx
ceramics, the [CeO9] polyhedra and [ZrO6] polyhedra are not directly connected; they are
linked through [MoO4] tetrahedra serving as a bridge [18,24].

Figure 4. Crystal structure diagram of CZ1−xNx ceramics.

The performance of ceramics is influenced by both intrinsic and extrinsic factors. Ex-
trinsic factors, such as second phases and density, play a significant role. The XRD results
confirmed the purity of the CZ1−xNx ceramics phases, thus necessitating an investigation
into the relationship between sintering behavior and the performance of CZ1−xNx ceramics.
Figure 5 illustrates the diameter shrinkage behavior and density changes of the CZ1−xNx
ceramics with temperature. With the increase in the sintering temperature, the shrinkage
rate of the CZ1−xNx ceramics with varying x values exhibited a pattern of initial augmen-
tation followed by diminishment. This phenomenon is attributable to grain growth and
pore elimination during sintering. However, excessive temperatures can induce secondary
crystallization in the grains, resulting in reduced shrinkage rates. The trends observed in
the apparent density align closely with those of the shrinkage rate. Furthermore, at the
optimal sintering temperature, the relative density of the CZ1−xNx ceramics consistently
exceeded 90%, underscoring their favorable densification.
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Figure 5. (a) Diameter shrinkage, (b) apparent density (the relative density at the optimal sintering
temperature as a function of x values are shown in the inset) of CZ1−xNx ceramics at 600 to 700 ◦C.

Figure 6 illustrates the microstructural images of the CZ1−xNx ceramics at the optimal
sintering temperature for each dopant content. The presence of atomic arrangement disor-
der and vacancies at grain boundaries has a detrimental effect on performance. Moreover,
the well-developed regular grain morphology indicates favorable grain growth, contribut-
ing to performance enhancement [25,26]. Consequently, the CZ0.98N0.02 ceramics exhibit
the largest grain size and most regular grain shape, positively impacting performance
improvement. It is noteworthy that all the CZ1−xNx ceramics demonstrated high densities
without discernible pores, which is consistent with the relative density results.

Figure 6. Microstructure of CZ1−xNx ceramics at optimal sintering temperature with different
x values.

Figure 7a illustrates the temperature-dependent variation in the εr for the CZ1−xNx
ceramics. The consistency between the εr and apparent density suggests that density is
the primary factor influencing the dielectric constant of the ceramic. As evidenced by
the presence of pores in the ceramic, where air has an εr value of 1, it was observed that
the εr value of the CZ1−xNx ceramics significantly exceeded this baseline, indicating that
increased porosity leads to a reduction in dielectric constant [19]. Consequently, considering
the presence of pores, Equation (9) was employed to correct for the εr (εcorr.) of the CZ1−xNx
ceramics, as depicted in Figure 7c, where P (P = 1 − ρrelative) is the porosity. Moreover, the
relevant numerical values of the CZM ceramics matrix were derived from the reported
findings of Tao et al. and Shi et al. [12,16]. The values of εr and εcorr. increased proportionally
with x, a trend explicable by Equation (10) [27]. As per the Clausius–Mossotti equation, it
is evident that εr exhibits a positive correlation with the polarizability (α). Additionally,
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based on the α values reported by Shannon et al. [28], the theoretical polarizability (αtheo.)
of the CZ1−xNx ceramics was calculated using Equation (11).

εcorr. = εr(1 + 1.5P) (9)

εr − 1
εr + 2

=
4πα

3Vm
(10)

αtheo.(CZ1−xNx) = 2α(Ce3+) + 3(1−x)α(Zr4+) + xα(Ba2+) + 2xα(Nb5+) + 9α(Mo6+) +
36α(O2) = 2 × 6.15 + 3(1−x) × 3.25 + x × 6.04 + 2x × 3.97 + 9 × 3.28 + 36 × 2.01

(11)

Figure 7d illustrates the continuous increase in the αtheo. values of the CZ1−xNx ce-
ramics as the x value increases, aligning with the observed trend in the εr values. This
observation suggests that α plays a significant role as an internal factor contributing to the
enhancement of εr values. Furthermore, the P-V-L theory serves as a widely adopted ap-
proach for investigating the correlation between material structure and performance [29,30].
Within CZ1−xNx ceramics, an analysis of the interna influence of (Ba1/3Nb2/3)4+ on the
CZM ceramics was conducted through calculations of chemical bond variations using the
P-V-L theory. Initially, complex chemical formulas were decomposed into binary bond
formulas, as depicted in Equation (12).

Ce2
[
(Zr1−x(Ba1/3Nb2/3)x]3(MoO4)9

Ce2/3O(1)3 + Ce2/3O(2)3 + Ce2/3O(6)3 + Zr/(Ba1/3Nb2/3)(1)O(4)3 + Zr/(Ba1/3Nb2/3)(2)O(3)3
+Zr/(Ba1/3Nb2/3)(2)O(5)3 + Mo(1)3/2O(1)3 + Mo(1)3/2O(2)3 + Mo(1)3/2O(3)3 + Mo(1)3/2O(4)3

+Mo(2)3/2O(5)3 + Mo(2)3/2O(6)3

(12)

In the P-V-L theory, the correlation between ionicity (fi) and εr was established, and
the impact of (Ba1/3Nb2/3)4+ on the εr of the CZM ceramics was determined by evaluating
the change in fi for each chemical bond. As depicted in Equation (13), there was a positive
correlation between fi and εr. Furthermore, Equations (14)–(17) were utilized to compute
the fi of each chemical bond in the CZ1−xNx ceramics [31,32].

εr =
n2

0 − 1
1− fi

+ 1 (13)

f µ
i =

(Cµ)2

(
Eµ

g

)2 (14)

(
Eµ

g

)2
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(

Eµ
h

)2
+ (Cµ)2 (15)

(
Eµ

h
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=
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(dµ)2.48 (16)
(

Eµ
h

)2
=

39.74

(dµ)2.48 Cµ = 14.4bµ exp
(
−kµ

s rµ
0

)[(
Zµ

A

)∗
− n

m

(
Zµ

B

)∗]
/rµ

0 (17)

where n0, dµ, and bµ denote the refractive index, bond length, and periodic correction
factor, respectively. (Zµ

A)* and (Zµ
B)* represent the effective valence electron numbers of

the cation and anion, respectively. Additionally, exp(−kµ
s rµ

0 ) represents the Thomas-Fermi
factor. The calculated fi values for each chemical bond in the CZ1−xNx ceramics are sum-
marized in Table 2. Notably, the fi value of the Ce-O bond surpasses that of other chemical
bonds. Moreover, the average fi value (fiave.(Ce-O)) for this bond was computed, as shown
in Figure 7e. It was observed that the εr exhibited a similar upward trend to the fiave.(Ce-O),
suggesting that the Ce-O bond exerts a dominant influence on the εr of CZ1−xNx ceramics.
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Figure 7. CZ1−xNx ceramics (a) εr at a sintering temperature of 600 °C to 700 °C, (b) εr, (c) εcorr.,
(d) αtheo., and (e) fiave.(Ce-O) at the optimal sintering temperature as a function of x values.

Table 2. The fi of the CZ1−xNx ceramics sintered at optimal temperature.

Bond Type x = 0.02 x = 0.04 x = 0.06 x = 0.08 x = 0.10

Ce-O(1) a 0.8393 0.8490 0.8476 0.8506 0.8517
Ce-O(1) b 0.8393 0.8490 0.8476 0.8506 0.8518
Ce-O(1) c 0.8393 0.8490 0.8476 0.8507 0.8518
Ce-O(2) a 0.8382 0.8509 0.8485 0.8493 0.8533
Ce-O(2) b 0.8382 0.8509 0.8485 0.8493 0.8533
Ce-O(2) c 0.8382 0.8510 0.8485 0.8494 0.8533
Ce-O(6) a 0.8638 0.8561 0.8511 0.8534 0.8538
Ce-O(6) b 0.8638 0.8561 0.8511 0.8534 0.8538
Ce-O(6) c 0.8639 0.8561 0.8511 0.8534 0.8539

Zr(BaNb)1-O(4) × 6 0.7865 0.7913 0.7952 0.7923 0.7913
Zr(BaNb)2-O(3) a 0.7666 0.7817 0.7781 0.7821 0.7835
Zr(BaNb)2-O(3) b 0.7666 0.7817 0.7781 0.7821 0.7836
Zr(BaNb)2-O(3) c 0.7666 0.7817 0.7782 0.7820 0.7836
Zr(BaNb)2-O(5) a 0.7643 0.7876 0.7762 0.7803 0.7836
Zr(BaNb)2-O(5) b 0.7644 0.7877 0.7762 0.7803 0.7836
Zr(BaNb)2-O(5) c 0.7644 0.7877 0.7763 0.7803 0.7837

Mo1-O(1) 0.7021 0.7170 0.7046 0.7103 0.7117
Mo1-O(2) 0.7095 0.7191 0.7062 0.7179 0.7198
Mo1-O(3) 0.7161 0.7370 0.7289 0.7312 0.7390
Mo1-O(4) 0.7048 0.7315 0.7222 0.7267 0.7280

Mo2-O(5) × 2 0.7104 0.7251 0.7268 0.7307 0.7317
Mo2-O(6) × 2 0.6281 0.7037 0.7006 0.7030 0.7104

a–c Three different bonds.

Figure 8a illustrates the variation in the Q×f values for the CZ1−xNx ceramics at
different temperatures. The trend in the Q×f values mirrors that of the apparent density,
suggesting that density is the primary external factor influencing Q×f values. Lattice energy
(U) is commonly linked to the Q×f values of ceramics. The magnitude of the U value reflects
the stability of the ceramic, while higher U values indicate greater compound stability,
thereby reducing nonharmonic vibration-induced losses and, consequently, enhancing the
Q×f value of the ceramic. According to the P-V-L theory, the U values for the chemical
bonds in the CZ1−xNx ceramics were computed using Equations (18)–(21) [33].

Ucal = ∑
µ

Uµ
b (18)

Uµ
b = Uµ

bc + Uµ
bi (19)

Uµ
bc = 2100m

P1.64
A−B

d0.75 f µ
c (20)
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Uµ
bi = 1270

(m + n)PA−BPB−A
d

(1− 0.4
d
) f µ

i (21)

where Uµ
bc and Uµ

bi represent the covalent and ionic bond energies of the material, respec-
tively. f µ

c and f µ
i represent the bond covalency and ionicity, respectively. PA−B and PB−A

represent the valence states of the cation and anion, respectively. Table 3 presents the
specific U values for each chemical bond. The Mo-O bond exhibits a notably higher U
value compared to the other two chemical bonds, indicating its significant influence on
the Q×f values of the ceramic. Additionally, Figure 8b,c illustrates the Q×f and average
U (Uave.(Mo-O)) of the CZ1−xNx ceramics at optimal temperature. The sample with x = 0.02
demonstrates the highest CZ1−xNx value (53,296 GHz), significantly surpassing that of the
CZM ceramics, suggesting that (Ba1/3Nb2/3)4+ serves as an effective substituted complex
ion. Furthermore, Uave.(Mo-O) displays a similar trend to the Q×f value, underscoring the
major influence of the Mo-O bond on the Q×f in the CZ1−xNx ceramics.

Figure 8. CZ1−xNx ceramics (a) Q×f at a sintering temperature of 600 °C to 700 °C, (b) Q×f, and
(c) Uave.(Mo-O) at the optimal sintering temperature as a function of x values.

Table 3. The U (kJ/mol) of the CZ1−xNx ceramics sintered at optimal temperature.

Bond Type x = 0.02 x = 0.04 x = 0.06 x = 0.08 x = 0.10

Ce-O(1) a 1095 1100 1080 1076 1085
Ce-O(1) b 1095 1100 1080 1075 1085
Ce-O(1) c 1095 1100 1080 1075 1085
Ce-O(2) a 1103 1086 1074 1084 1074
Ce-O(2) b 1102 1085 1074 1084 1074
Ce-O(2) c 1102 1085 1074 1084 1074
Ce-O(6) a 906 1048 1055 1056 1070
Ce-O(6) b 906 1048 1055 1056 1070
Ce-O(6) c 906 1048 1055 1056 1070

Zr(BaNb)1-O(4) × 6 10,161 10,653 10,145 10,476 10,702
Zr(BaNb)2-O(3) a 3726 3711 3676 3665 3696
Zr(BaNb)2-O(3) b 3726 3709 3676 3665 3696
Zr(BaNb)2-O(3) c 3726 3709 3675 3666 3695
Zr(BaNb)2-O(5) a 3761 3613 3707 3694 3695
Zr(BaNb)2-O(5) b 3761 3612 3707 3694 3695
Zr(BaNb)2-O(5) c 3760 3611 3706 3694 3694

Mo1-O(1) 43,587 44,245 45,021 44,810 45,295
Mo1-O(2) 42,314 43,919 44,773 43,585 44,009
Mo1-O(3) 41,121 40,777 40,864 41,257 40,646
Mo1-O(4) 43,133 41,786 42,088 42,075 42,641

Mo2-O(5) × 2 42,157 42,900 41,254 41,343 41,993
Mo2-O(6) × 2 53,631 46,310 45,640 45,941 45,491

a–c Three different bonds.
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The τf of a ceramic material characterizes its stability in diverse environments, and
the closer τf is to 0, the greater the stability of the ceramic. As per Equation (22), an inverse
relationship exists between the thermal expansion coefficient (α) and the τf value of the
ceramics. The α value of the CZ1−xNx ceramics was determined using Equations (23)–(26)
derived from the P-V-L theory [34,35].

τf = −
(τε

2
+ α
)

(22)

α = ∑
µ

Fµ
mnα

µ
mn (23)

αµ
mn = −3.1685 + 0.8376γmn (24)

γmn =
kZµ

ANµ
CA

Uµ
b4A

βmn (25)

βmn =
m(m + n)

2n
(26)

where τε represents the temperature coefficient of the dielectric constant, Nµ
CA denotes the

coordination number of the cation, Zµ
A indicates the valence state of the cation, and k and

∆A stand for the Boltzmann constant and the ionic periodicity constant, respectively. The
α values of the chemical bonds in the CZ1−xNx ceramics are detailed in Table 4. Among
these ceramics, it was observed that the Ce-O bond exhibited the highest α value, thus
exerting a significant influence on the τf value. As depicted in Figure 9, the average α value
(αave.(Ce-O)) of the Ce-O bond demonstrated a similar trend to the τf. This suggests a strong
correlation between the Ce-O bond and the τf value in the CZ1−xNx ceramics.

Table 4. The α (10−6/K) of the CZ1−xNx ceramics sintered at optimal temperature.

Bond Type x = 0.02 x = 0.04 x = 0.06 x = 0.08 x = 0.10

Ce-O(1) a 10.2227 10.1619 10.4087 10.4592 10.3461
Ce-O(1) b 10.2227 10.1619 10.4087 10.4719 10.3461
Ce-O(1) c 10.2227 10.1619 10.4087 10.4719 10.3461
Ce-O(2) a 10.1256 10.3337 10.4846 10.3586 10.4846
Ce-O(2) b 10.1377 10.3461 10.4846 10.3586 10.4846
Ce-O(2) c 10.1377 10.3461 10.4846 10.3586 10.4846
Ce-O(6) a 13.0163 10.8233 10.7304 10.7173 10.5356
Ce-O(6) b 13.0163 10.8233 10.7304 10.7173 10.5356
Ce-O(6) c 13.0163 10.8233 10.7304 10.7173 10.5356

Zr(BaNb)1-O(4) × 6 3.8445 3.5103 3.8340 3.6024 3.4493
Zr(BaNb)2-O(3) a 3.2064 3.2224 3.2734 3.2828 3.2189
Zr(BaNb)2-O(3) b 3.2064 3.2258 3.2734 3.2828 3.2189
Zr(BaNb)2-O(3) c 3.2064 3.2258 3.2751 3.2811 3.2207
Zr(BaNb)2-O(5) a 3.1471 3.3957 3.2195 3.2322 3.2207
Zr(BaNb)2-O(5) b 3.1471 3.3976 3.2195 3.2322 3.2207
Zr(BaNb)2-O(5) c 3.1488 3.3994 3.2212 3.2322 3.2224

Mo1-O(1) −0.4054 −0.4465 −0.4934 −0.4808 −0.5096
Mo1-O(2) −0.3223 −0.4263 −0.4786 −0.4053 −0.4319
Mo1-O(3) −0.2397 −0.2150 −0.2213 −0.2494 −0.2055
Mo1-O(4) −0.3763 −0.2863 −0.3070 −0.3061 −0.3441

Mo2-O(5) × 2 −0.3117 −0.3612 −0.2492 −0.2554 −0.3005
Mo2-O(6) × 2 −0.9229 −0.5679 −0.5297 −0.5470 −0.5211

a–c Three different bonds.
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Figure 9. CZ1−xNx ceramics (a) τf, (b) αave.(Ce-O), and (c) Eave.(Mo-O) at the optimal sintering tempera-
ture as a function of x values.

It is noteworthy that bond energy (E) is frequently employed to characterize the
stability of materials. A higher E value indicates a stronger connection between chemical
bonds. The E value of the CZ1−xNx ceramics was determined using Equations (27)–(31) [36].

Eµ = tcEµ
c + tiE

µ
i (27)

Eµ
c =

(rcA + rcB)

dµ (EA−AEB−B)
1/2 (28)

Eµ
i =

1389.088
dµ (29)

ti =

∣∣∣∣
(SA − SB)

6

∣∣∣∣ (30)

(tc + ti) = 1 (31)

Specifically, EA–A and EB–B represent the bond energies of atoms A and B, respectively,
while rcA and rcB denote the covalent radii of ions A and B. The calculation results are
presented in Figure 9c and Table 5. It is noteworthy that despite not displaying the highest E
value, the Ce-O bond was indicated by the α results as linked to the τf value. Moreover, the
average E value (Eave.(Mo-O)) for the Ce-O bond aligned with the trend of the τf, suggesting
the significant role played by the Ce-O bond in ceramic stability, which is consistent with
the α calculation outcomes.

Microstrip antennas, which are widely utilized in wireless communication and radar
fields due to their simple design, ease of production, relatively low cost, and very narrow
bandwidth, were the focus of this study. A rectangular microstrip antenna with a center fre-
quency of 3.47 GHz was designed using a coaxial feeding method and CZ0.98N0.02 ceramics
as the basic materials for the antenna. It is noteworthy that 3.47 GHz falls within the S-band
of the microwave radio frequency commonly employed in wireless communication and
radar fields. Furthermore, it is situated within the frequency range of the 5G communication
band (3.3 GHz~4.2 GHz), specifically the n77 and n78 frequency bands [37–39].

Figure 10a illustrates the optimized antenna model and corresponding design di-
mensions centered at 3.47 GHz, with radiation patches and ground parts designed using
silver (Ag). The return loss parameters (S11) based on the designed model are depicted in
Figure 10b. It is evident from the figure that the antenna’s center frequency is 3.47 GHz,
exhibiting a bandwidth of 75 MHz and an S11 value of −33.15 dB. Notably, when S11
falls below −10 dB, the minimal reflection impact on the transmission system allows for
normal antenna operation. Furthermore, Figure 10c–e presents simulations of the antenna’s
radiation in both three-dimensional and electromagnetic field views. The distribution of the
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main lobe and side lobe radiation from the antenna is clearly delineated, with a maximum
radiation gain of 4.32 dB observed. Additionally, unidirectional and symmetrical maximum
electric field and magnetic field gain directions indicate favorable radiation characteristics
for this antenna design. Consequently, CZ0.98N0.02 ceramics exhibit significant potential for
application in 5G communication.

Table 5. The E (kJ/mol) of the CZ1−xNx ceramics sintered at optimal temperature.

Bond Type x = 0.02 x = 0.04 x = 0.06 x = 0.08 x = 0.10

Ce-O(1) a 406.8505 410.6544 401.4945 399.9166 404.4490
Ce-O(1) b 406.7539 410.5723 401.4004 399.8233 404.3694
Ce-O(1) c 406.6895 410.5067 401.3377 399.7611 404.3058
Ce-O(2) a 410.0645 404.6082 398.7994 403.8610 399.6523
Ce-O(2) b 410.0155 404.5445 398.7530 403.8133 399.6057
Ce-O(2) c 409.9500 404.4967 398.6911 403.7499 399.5435
Ce-O(6) a 326.0845 388.2832 390.5555 391.2096 397.8577
Ce-O(6) b 326.0742 388.2539 390.5109 391.1798 397.8269
Ce-O(6) c 326.0224 388.1952 390.4516 391.1053 397.7653

Zr(BaNb)1-O(4) × 6 459.2762 489.8926 461.1076 481.5940 496.2735
Zr(BaNb)2-O(3) a 518.9672 518.3938 512.9597 512.3371 519.4946
Zr(BaNb)2-O(3) b 518.8108 518.2381 512.9597 512.3623 519.3393
Zr(BaNb)2-O(3) c 518.7847 518.2122 512.7823 512.5390 519.3134
Zr(BaNb)2-O(5) a 525.3543 500.8407 518.6251 517.7693 519.3134
Zr(BaNb)2-O(5) b 525.2741 500.7680 518.5733 517.7177 519.2358
Zr(BaNb)2-O(5) c 525.1139 500.6227 518.4178 517.5632 519.1066

Mo1-O(1) 592.0846 602.8673 619.4640 614.6348 623.9548
Mo1-O(2) 567.3968 596.3924 614.4154 590.1899 598.0154
Mo1-O(3) 544.9440 536.5641 538.9721 545.7791 534.0395
Mo1-O(4) 583.1916 555.2862 561.8104 561.0780 571.3516

Mo2-O(5) × 2 564.4201 576.4860 546.1831 547.3699 559.0432
Mo2-O(6) × 2 820.3593 645.2379 632.2044 637.9052 627.9761

a–c Three different bonds.

Figure 10. (a) The design model and dimensions, (b) simulated S11 parameters, (c) 3D radiation
pattern, (d) E-plane, and (e) H-plane of the antenna.
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4. Conclusions

In this work, CZ1−xNx (0.02≤ x≤ 0.1) ceramics were synthesized via the conventional
solid-state method. The XRD and Rietveld refinement analyses confirmed that all the
CZ1−xNx ceramics exhibited a trigonal structure (space group R-3c) as a single phase. Fur-
thermore, the increase in the unit cell volume with the increasing x value substantiated the
successful substitution of (Ba1/3Nb2/3)4+. The density and SEM results validated the high
density of the synthesized ceramics. Notably, the CZ0.98N0.02 ceramics exhibited the most
uniform grain size, which enhances performance. Specifically, at 675 ◦C, the CZ0.98N0.02
ceramics demonstrated superior performance, with εr = 10.41, Q×f = 53,296 GHz, and
τf = −23.45 ppm/◦C. The P-V-L theory was employed to establish a correlation between
structure and performance characteristics. The Ce-O bond predominantly influenced the
εr and τf of the CZ1−xNx ceramics. Furthermore, the Mo-O bond was strongly correlated
with Q×f. Finally, a patch antenna tailored for 5G communication bands (n77 and n78) was
designed using the CZ0.98N0.02 ceramics as the substrate materials. This study represents
an initial exploration of the practical applications of CZM ceramics.
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Abstract: In this study, Ni/Ba co-doped NaNbO3 ceramics (NBNNOx) were synthesized using
a solid-state method to explore the effects of Ni2+ and Ba2+ ion substitution on the structural, optical,
and dielectric properties of NaNbO3. X-ray diffraction (XRD) confirmed that the ceramics retained an
orthorhombic structure, with crystallinity improving as the doping content (x) increased. Significant
lattice distortions induced by the Ni/Ba co-doping were observed, which were essential for preserving
the perovskite structure. Raman spectroscopy revealed local structural distortions, influencing optical
properties and promoting relaxor behavior. Diffuse reflectance measurements revealed a significant
decrease in band gap energy from 3.34 eV for undoped NaNbO3 to 1.08 eV at x = 0.15, highlighting the
impact of co-doping on band gap tunability. Dielectric measurements indicated relaxor-like behavior
at room temperature for x = 0.15, characterized by frequency-dependent anomalies in permittivity
and dielectric loss, likely due to ionic disorder and structural distortions. These findings demonstrate
the potential of Ni/Ba co-doped NaNbO3 ceramics for lead-free perovskite solar cells and other
functional devices, where tunable optical and dielectric properties are highly desirable.

Keywords: Ni/Ba co-doped NaNbO3 ceramics; solid–solid method; structural distortions; band gap
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1. Introduction

Perovskite niobates, including NaNbO3, have attracted considerable attention due to their
environmentally friendly characteristics and wide-ranging technological applications [1–5].
Among the limited class of lead-free antiferroelectric (AFE) perovskites, NaNbO3-based re-
laxor antiferroelectrics are particularly notable for their ultrahigh energy-storage density,
positioning them as potential candidates for high-power electronics and energy-storage
capacitors [6,7]. This exceptional energy-storage capability is largely attributed to their re-
versible phase transitions and high dielectric constants, which are crucial for capacitive energy
storage. Additionally, the intrinsic high chemical stability of NaNbO3 enhances its utility in
sensor applications, particularly in humidity sensing, where it offers reliable performance even
under severe environmental conditions [8]. Recent advances have demonstrated that lead-free
NaNbO3-based ceramics can exhibit relaxor-type dielectric behavior, characterized by diffuse
phase transitions and a strong frequency dependence of the dielectric constant [9,10]. This
makes them promising materials for applications in tunable microwave devices, actuators,
and capacitors [11]. Sodium niobate, typically regarded as an AFE material, can transition to
a ferroelectric state through suitable chemical doping [11,12] or the application of an external
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DC electric field [2]. This tunable ferroelectricity, driven by modifications in the crystal struc-
ture, is pivotal for applications in high-density optical data storage and energy storage, where
controlled polarization states are crucial [11].

Recently, NaNbO3 has emerged as a promising photocatalytic material due to its
greater stability compared to other Nb-based photocatalysts and its unique corner-shared
[NbO6] octahedral crystal structure, which is reported to significantly enhance charge migra-
tion and reduce the recombination rates of photogenerated electron–hole pairs. Extensive
studies have demonstrated that NaNbO3 is highly efficient in photocatalytic applications,
such as hydrogen production through water splitting [13], CO2 reduction [13,14], decompo-
sition of organic pollutants [15], and the degradation of organic contaminants in wastewater
treatment [16]. These capabilities are largely attributed to its specific crystal structure and
the efficient separation of charge carriers. However, the wide band gap, typically around
3.4 eV in pure NaNbO3, restricts its absorption to the ultraviolet (UV) range, which covers
a limited part of the solar spectrum. This limitation reduces its efficiency as a visible-light
photocatalyst. To overcome this limitation and enhance the photocatalytic performance of
UV-active materials like NaNbO3, extending their light absorption capabilities into the visi-
ble range is crucial. Strategies such as metal decoration, including noble metals like Pt [17]
and Au [18], and coupling with other narrow band gap semiconductors like AgO2 [19] and
g-C3N4 [20] have shown some success in this regard. Moreover, doping with transition
metals such as Ag [21] or nonmetals like N [22] has been investigated to reduce the band
gap and enhance the absorption of visible light. More recently, research has shifted towards
developing new photocatalysts with tunable band gaps and band-edge positions through
precise chemical doping [23]. In particular, the high susceptibility of ABO3 perovskites
to partial cation substitution at both the A and B sites presents a promising approach for
continuous band energy modulation, facilitating the development of high-performance,
visible-light-sensitive NaNbO3-based photocatalysts. This approach not only tailors the
electronic structure but also improves the photocatalytic activity by optimizing the redox
potential and enhancing charge carrier mobility.

Moreover, when these materials exhibit ferroelectric properties, their spontaneous
polarization positions them as promising candidates for photovoltaic applications and other
multifunctional devices [24,25]. This polarization can induce a bulk photovoltaic effect,
where charge carriers, particularly electrons and holes, are efficiently separated, thereby
reducing recombination rates [26]. This effect is particularly advantageous in ferroelectric
materials, where the intrinsic electric field can drive charge separation without the need
for an external p-n junction, leading to potential applications in self-powered devices.
Several materials, such as KNbO3 [27], LiNbO3 [28], BaTiO3 [29], and BiFeO3 [30], have
been recognized as potential candidates for photovoltaic applications due to their strong
ferroelectric characteristics. These materials have been extensively studied for their ability
to generate photocurrents under light illumination. Among them, BiFeO3 stands out for its
relatively narrow band gap and notable ferroelectric properties, which significantly improve
its photocatalytic and photovoltaic performances [31,32]. However, a primary challenge in
utilizing perovskite-type ferroelectrics for photovoltaic applications is their inherently wide
band gap. This wide band gap, influenced by the nature of the A-O and B-O metal–oxygen
bonds, restricts light absorption primarily to the UV region. Extending light absorption into
the visible wavelength range is therefore crucial for improving the photovoltaic efficiency
of these materials. Recent research has focused on various strategies to narrow the band
gap of these ferroelectrics, such as doping with transition metals or creating solid solutions
with other perovskites [33,34]. These approaches aim to enhance visible light absorption
and optimize the electronic structure for better photovoltaic performance, making these
materials more competitive with other emerging photovoltaic technologies.

Identifying methods to reduce the band gap of ferroelectrics while preserving their
beneficial ferroelectric properties could lead to significant advancements in ABO3 ox-
ide materials. Recent theoretical work based on density functional theory (DFT) calcu-
lations suggests that the substitution of the B site by Group 10 metals such as Ni, Pd,
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and Pt, as well as stabilization of these substitutions by the introduction of oxygen va-
cancies, can significantly reduce the band gap while preserving or even increasing the
spontaneous polarization of the parent phase [35]. These theoretical predictions have
been experimentally validated by Grinberg et al., who demonstrated that Ni-containing
(K1−xBax)(Nb1−x/2Nix/2)O3−δ (KBNNO) solid solutions exhibit both ferroelectricity and
band gap tenability up to 2.7 eV [36]. Such doping strategies effectively narrow the band
gap and enable these ferroelectric perovskites to absorb visible light, which opens promis-
ing pathways for the development of semiconductor-based ferroelectric perovskite solar
cells and other advanced applications.

In this context, our approach involves developing NaNbO3-based materials by co-
doping with Ni2+ and Ba2+ ions, selected specifically for their ability to adjust optical
energy bands and modify dielectric properties. The substitution of the A-site (Na+) with the
larger cation (Ba2+) is expected to further enhance solubility and promote the formation of
vacancies. This study aims to understand how varying the concentration of these dopants af-
fects the structural, dielectric, and optical properties of [NaNbO3]1−x[BaNi1/2Nb1/2O3−δ]x
(NBNNOx) ceramics, synthesized via solid-state reactions. Structural characterization was
performed using X-ray diffraction and Raman spectroscopy. The dielectric properties were
conducted by measuring the dielectric constant and loss over a range of temperatures and
frequencies, while optical properties were examined at room temperature using diffuse
reflectance spectroscopy. The goal is to explore the potential applications of these materials
in advanced functional devices, potentially advancing technologies for photocatalysis,
photovoltaics, and other solar-light-sensitive applications.

2. Materials and Methods

[NaNbO3]1−x[BaNi1/2Nb1/2O3−δ]x ceramic samples with compositions of x = 0, 0.05,
0.10, and 0.15 were synthesized using the solid-state reaction method. These ceramic samples
are subsequently designated as NNO, NBNNO0.05, NBNNO0.10, and NBNNO0.15, respectively.
The starting materials, which included highly pure powders of Na2CO3, BaCO3, Nb2O5,
and NiO (Sigma-Aldrich 99.9%, St. Louis, MO, USA), were dried at 473 K for 2 h. These
powders were then weighed in stoichiometric ratios and mixed for 2 h in an agate mortar.
The resulting mixtures were calcined at 1273 K for 12 h, followed by an additional 2 h mixing
before being pressed into pellets measuring 8 mm in diameter and 1 mm in thickness. Finally,
the pellets were sintered at 1473 K for 3 h. The compactness values (C), defined as the ratio of
experimental density (dexp) to theoretical density (dtheo), for the sintered specimens increased
from 93% for the undoped NNO (x = 0) to 96% for the NBNNO0.15-doped sample. The
diameter shrinkages of the ceramic disks (∆Φ/Φ) were calculated as (Φin − Φfin)/Φin, where
Φin and Φfin represent the initial and final diameters, respectively. These values were found
to range between 0.13 and 0.16. To form electrodes for dielectric measurements, silver paste
was applied to both sides of the sintered ceramic pellets.

The crystal structure of the ceramic samples was analyzed at room temperature us-
ing X-ray diffraction (XRD). The XRD patterns were recorded on a Philips diffractometer
(Philips, Eindhoven, The Netherlands) with CuKα radiation (λ = 1.5418 Å) over the angular
range of 20◦ < 2θ < 70◦, employing a step size of 0.02◦ and a counting time of 1 s per step.
The surface morphology of the as-prepared ceramics was examined using an FEI XL-30
Scanning Electron Microscope (FEI, Oregon, OR, USA), which offers a typical resolution of
1.5 nm at 10 kV or higher. Raman scattering data were collected at room temperature in the
wavenumber range of 50–1000 cm−1 using a Horiba HR800 Raman spectrometer (Horiba
Scientific, Kyoto, Japan) equipped with a 632 nm red laser. Diffuse reflectance measure-
ments were carried out at room temperature in the wavelength range of 350–900 nm, using
an Ocean Optics HR2000 monochromator, a DH-2000-Bal lamp, a UV–Vis fiber, and a WS-1
reflectance standard featuring a PTFE optical diffuser (Ocean Optics, Dunedin, FL, USA).
The temperature dependence of the complex relative permittivity and dielectric loss were
measured using an HP 4192A impedance analyzer (HP, Santa Clara, CA, USA) within the
temperature range of 100–800 K and at frequencies from 1 kHz to 1 MHz.
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3. Results
3.1. Structural and Microstructure Analysis
3.1.1. X-Ray Diffraction

Figure 1a shows the XRD patterns of the sintered [NaNbO3]1−x[BaNi1/2Nb1/2O3−δ]x
ceramics (NBNNOx), exhibiting typical diffraction peaks of an ABO3 perovskite struc-
ture. Room-temperature XRD analysis confirmed that the NBNNOx ceramics crystal-
lized in a single-phase, with no traces of residual precursors detected. The indexing of
Bragg reflections indicates that the NBNNOx ceramics crystallize in an orthorhombic struc-
ture, with progressive changes in crystal symmetry as the doping rate (x) increases. The
identified space groups are Pbma (for x = 0), Pnma (for x = 0.05), and Amm2 (for both
x = 0.10 and 0.15). Notably, the irregular shifts of the (020) diffraction peak observed in
Figure 1b can be attributed to structural changes and space group transitions induced by
doping. Transitions within orthorhombic phases (e.g., Pbma→ Pnma or Pbma→ Amm2)
affect peak positions, even when lattice parameters change systematically. Factors such
as octahedral tilting, atomic displacements, and internal stress likely contribute to these
shifts. For NBNNO0.10 and NBNNO0.15 (both with the Amm2 space group), the observed
leftward shift of the (020) and (111) peaks corresponds to an increase in unit cell volume,
confirming that when the space group remains consistent, peak shifts align with the trends
in lattice parameter expansion.
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Figure 1. (a) X-ray diffraction patterns of sintered NBNNOx ceramics recorded at room temperature;
(b) Enlarged view of the XRD patterns in the rectangular window between 31◦ and 33◦, focusing on
the principal diffraction peaks.

Structural refinement of the XRD patterns was conducted using the Fullprof program.
The experimental and calculated Rietveld-refined XRD patterns for NBNNOx ceramics are
presented in Figure 2. To evaluate the quality of the refinement, various agreement fac-
tors between the observed and calculated profiles were defined in Fullprof (2020 version).
Satisfactory agreement factors were achieved after several refinement steps. The refine-
ment confirms the presence of an orthorhombic structure for all phases, with space groups
Pbma for NNO, Pnma for NBNNO0.05, and Amm2 for NBNNO0.10 and NBNNO0.15 ce-
ramics. Table 1 summarizes the Rietveld-refinement data, including the lattice parameters,
unit cell volume, and adjustment parameters. The profile residual (Rp), weighted profile
residual (Rwp), and goodness of fit (χ2) parameters are used to evaluate the quality of the
refinement [37], all of which confirm the reliability of the XRD results.
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Figure 2. The Rietveld pattern obtained from X-ray powder diffraction of the NBNNOx ceramics.
(a) NNO; (b) NBNNO0.05; (c) NBNNO0.10; (d) NBNNO0.15. The points represent the experimental
profile, and the red solid line corresponds to the calculated profile. Positions of the Bragg reflections
are indicated by green vertical bars. The blue curve at the bottom of the figure represents the
discrepancy between the experimental and calculated profiles. The crystal structures were plotted
inside using the “Diamond” program.

Table 1. Rietveld-refined lattice parameters of NBNNOx compounds, bond lengths and bond angles,
and discrepancy factors: profile residual (Rp), weighted profile residual (Rwp), and goodness of fit (χ2).

Compounds NNO NBNNO0.05 NBNNO0.10 NBNNO0.15

Structure Orthorhombic Orthorhombic Orthorhombic Orthorhombic
Space group Pbma Pnma Amm2 Amm2

a (Å) 5.56427 5.57398 3.94260 3.95321
b (Å) 5.50223 5.54044 5.52592 5.57900
c (Å) 15.50840 7.82424 5.57834 5.58175

V (Å3) 474.80352 241.63054 121.53246 123.10526

Bond lengths (Å) and bond angles (◦)

<d(Nb/Ni)–O>axial 1.95050 2.14500 1.97200 1.97300
<d(Nb/Ni)–Opl>apical 1.99925 1.90500 2.00500 1.99725

<d(Nb/Ni)–Opl> 1.98300 1.98500 1.99400 1.98916
<θ1(Nb/Ni)–O–(Nb/Ni)> 165.17 163.99 156.37 179.26
<θ2(Nb/Ni)–O–(Nb/Ni)> 168.29 163.99 156.37 179.26

Discrepancy factors

Rp 7.46 7.71 6.07 7.77
Rwp 9.61 9.74 7.78 9.87
Rexp 7.74 7.92 6.47 8.94
χ2 1.54 1.51 1.44 1.22

Figure 3 illustrates the variation in the unit cell volume and lattice parameters with
respect to the Ni/Ba substitution content (x) in the NNO parent phase. It is evident
that the change in space group leads to a significant decrease in the unit cell volume
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with an increased doping rate (x) (Figure 3a), with the volume for NBNNO0.10 being up
to four times smaller compared to that of NNO. This reduction is mainly attributed to
decreases in the lattice parameters (a) and (c), while the (b) parameter remains almost
unchanged (Figure 3b). The observed lattice contraction in the (010) planes is likely due
to the ionic character of the Ni-O bonds. However, when comparing NBNNO0.15 with
NBNNO0.10, which are both crystallized in the same space group (Amm2) within the
orthorhombic structure, a slight increase in cell volume (1.3%) is noted. This increase
corresponds to the shift of diffraction peaks toward lower angles, as shown in Figure 1b.
The larger ionic radii of Ba2+ (1.35 Å) and Ni2+ (0.69 Å) compared to Na+ (1.02 Å) and Nb5+

(0.64 Å) lead to an expansion of the unit cell volume, resulting in a shift of peak positions
towards lower angles.
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parameters a and b shown on the left-hand side ordinate, and c on the right-hand side ordinate as
a function of the doping content (x).

For a more detailed understanding of the structural changes induced by Ni/Ba substi-
tution, the crystal structure and BO6 octahedra of the NBNNOx phases were visualized
using the “Diamond” program, utilizing atomic positions derived from the Rietveld-
refinement data. As shown in Figure 4, the BO6 octahedra form structural chains with
periodically modulated tilt angles denoted as θ1 and θ2, within the orthorhombic structures
of NBNNOx. The octahedra alternate between these angles, where pairs of neighboring
octahedra are tilted by θ1 within each chain, and adjacent pairs are tilted by θ2 relative
to each other. This alternating pattern of tilt angles influences the bonding environment
and contributes to the structural stability of the material [38]. The values of the O–B–O
angles θ1 and θ2 as a function of the doping rate (x) are measured and plotted in Figure 5.
The O–B–O tilt angles change significantly with increasing content (x), which may lead
to varying levels of structural ordering and distortions in the NBNNOx ceramics. The
orthorhombic structure of the NNO parent phase with the Pbma space group exhibits two
distinct tilt angles (θ1 and θ2). However, for compositions with x ≥ 0.05, these angles
converge, signaling a transition toward a more symmetric configuration. This shift is
accompanied by significant variations in the O–B–O angle. As shown in Figure 5a, the se-
quential change in space groups, from Pbma (x = 0) to Pnma (x = 0.05) and Amm2 (x = 0.10),
is accompanied by decreasing tilt angles, which reflect increased misalignment between
octahedra. The misalignment, defined as a 180◦ tilt angle, indicates that smaller tilt angles
lead to greater structural distortion. Consequently, NBNNO0.05 and NBNNO0.10 show
higher distortion compared to the NNO parent phase. Although both NBNNO0.10 and
NBNNO0.15 adopt the Amm2 space group, the significant increase in the O–B–O tilt angle
from 130◦ to 180◦ suggests reduced misalignment between adjacent octahedra, indicating
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enhanced structural stability and a decrease in the degree of crystal structure distortion, as
discussed in the following section.
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Regarding the geometric aspects of the BO6 octahedron, this configuration typically
exhibits distortions, giving rise to two types of nonequivalent B–O bonds: axial bonds and
apical bonds. The axial bonds, aligned along the c-axis, are often either longer or shorter
than the apical bonds, depending on the nature of the distortion and the surrounding
bonding environment. The apical bonds, located within the (a, b) plane, form two pairs
that may differ in length and angle relative to the axial bonds, further contributing to the
overall distortion of the octahedron.

The variation in B–O bond lengths and angles usually influences the material’s phys-
ical properties and stability. A clear understanding of the differences between axial and
apical bonds is essential for analyzing the electronic structure, bonding characteristics,
and potential applications of materials with orthorhombic BO6 octahedra. In this context,
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the average bond lengths, <B–O>axial and <B–O>apical, representing the axial and apical
bonds, respectively, were measured and are presented in Figure 5b. This can be useful
in providing information on the lattice distortions induced by Ni/Ba substitution. The
variation in <(Nb/Ni)–O> bond lengths as a function of the doping rate (x) shows a specific
change in <(Nb/Ni)–O>axial and <(Nb/Ni)–O>apical bonding lengths for x = 0.05 compared
to the other compositions. This change, characterized by an axial expansion accompanied
by a planar shortening of the BO6 octahedra, highlights the presence of significant lattice
distortion in the NBNNO0.05 compound. When examining the overall change by averaging
the axial and apical bond lengths, as shown in Figure 5b, the substitution effect reveals
an increase of about 2% in the <(Nb/Ni)–O> bond length for the NBNNO0.05 compound
compared to the other compositions.

These observations confirm the presence of structural distortions in the crystal lattice,
which are essential for preserving the perovskite structure of the doped compounds. This
suggests that distortions in the BO6 octahedra, driven by variations in B–O bond lengths,
contribute to an increased degree of local structural disorder, mainly induced by Ba and Ni
substitutions at the A and B sites, respectively.

3.1.2. Raman Analysis

To obtain additional information on the structural features of the crystal lattice, such
as order–disorder, crystallinity, and bond distortion, Raman analysis was carried out on
NBNNOx ceramics. Figure 6 shows the Raman spectra recorded at room temperature for
NBNNOx samples with different Ni/Ba contents, identifying various vibration modes.
These modes are classified into the translational mode of an isolated cation at the A-site
and six internal modes of the coordination polyhedra (BO6), as schematically illustrated in
Figure 7. The internal vibration modes of the BO6 octahedra include three stretching modes
(1A1g (ϑ1), 1Eg (ϑ2), and 1F1u (ϑ3)) and three bending modes (1F1u (ϑ4), 1F2g (ϑ5), and 1F2u
(ϑ6)). It should be noted that the modes ϑ1, ϑ2, and ϑ5 are symmetrical, while the modes ϑ3,
ϑ4, and ϑ6 exhibit non-symmetrical vibrations [39].

Three main frequency regions can be distinguished from the deconvoluted Raman
spectra (Figure 6). The low-frequency region, below 150 cm−1, displays an intense peak
at 71 cm−1, associated with translational movements of Na+ and/or Ba2+ cations. The
intermediate region, extending over 150 to 450 cm−1, contains several fine peaks associated
with the internal vibratory modes of BO6 (F2g (ϑ5) and F2u (ϑ6)) and a low band linked to
the combination mode of stretching and bending vibrations F1u (ϑ4). The high-frequency
region between 450 and 900 cm−1 displays three peaks corresponding to the stretching
vibrations ϑ2, ϑ1, and ϑ3, located at 553, 598, and 665 cm−1, respectively [40].

Table 2 summarizes the vibration modes related to each NBNNOx sample, highlighting
a significant substitution effect. As seen in Figure 6, the number of peaks related to the ϑ6
vibration mode decreases as the doping rate (x) increases, indicating a notable structural
change in the crystal structure. Additionally, a broad peak at about 850 cm−1 is specifically
observed in doped ceramics, associated with the combination of ϑ1 and ϑ5 modes [39,40].
This peak is attributed to the valence vibrations of the B–O–B bridges, where B designates
the elements occupying site B (Nb5+, Ni2+). Its intensity increases with the Ni-doping rate,
suggesting that the concentration of Ni–O–Nb bridges increases while that of Nb–O–Nb
decreases as the Ni content increases. This vibrational mode may be associated with local
cation ordering/disordering within the structure, which can be correlated with changes
in the NbO6 octahedron parameters, such as volume, bond angles, and bond lengths, as
previously confirmed by Rietveld refinement.

The relative shifts in vibrational modes observed in the doped ceramics are closely
associated with the significant lattice distortions induced by the incorporation of Ba2+ and
Ni2+ ions into the crystal lattice of the NNO parent phase. These distortions introduce an
imbalance in bond lengths and strengths between the B-site ions (Nb5+, Ni2+) and their
coordinated oxygen atoms, resulting in shifts in the vibrational modes [41]. Specifically,
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the incorporation of these dopants modifies the local bonding environment by introducing
lattice strain, octahedral tilting, and structural disorder.

Table 2. Vibration modes of NBNNOx ceramics, collected in the wavenumber range of 50–1000 cm−1.

Composition Wave Number (cm−1)

x
Na+/Ba2+ ϑ6 ϑ5 ϑ4 ϑ2 ϑ1 ϑ3 ϑ1 + ϑ5
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ϑ1, ϑ2, and ϑ5 modes are symmetric; the ϑ3, ϑ4, and ϑ6 modes are non-symmetric; 1A1g (ϑ1), 1Eg (ϑ2),
and 1F1u (ϑ3) are stretching modes; and 1F1u (ϑ4), 1F2g (ϑ5), and 1F2u (ϑ6) are bending modes. The
blue arrows indicate the direction of atom vibrations. The oxygen ions are represented by red spheres,
and the Nb/Ni ions are represented by yellow spheres.

To further illustrate these changes, Figure 8 shows the shifts in the internal vibration
modes of the BO6 octahedra, with an emphasis on the bending mode ϑ1 and the stretching
mode ϑ5, plotted as a function of doping content. A progressive red shift (the peak moves to
lower wavenumbers) is observed for the ϑ5 mode with increasing Ni/Ba doping, indicating
bond weakening due to lattice expansion and local distortions. In contrast, the ϑ1 mode
exhibits a blue shift (peak moves to higher wavenumbers) at x = 0.05 and x = 0.10, suggesting
bond strengthening or lattice compression. Notably, for the x = 0.15 composition, almost
no shift is observed compared to the NNO parent phase (x = 0), indicating a structural
stabilization at higher doping levels.

These mode shifts highlight the complex interplay between strengthened and weak-
ened bonds, driven by lattice expansion, compression, and octahedral tilting. The results
reflect the extensive structural distortions within the BO6 octahedra and the overall lattice
disorder introduced by Ba and Ni co-doping, which plays a crucial role in modifying the
material’s structural and dielectric behavior.
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Figure 8. Variation in the Raman peak position of the principal internal vibration modes of the
BO6 octahedra, ϑ1 (bending mode) and ϑ5 (stretching mode), as a function of the doping content.

3.1.3. Microstructure Analysis

To investigate the microstructure changes in NBNNOx ceramics, the microstructural
parameters, microstrain, and crystallite size are evaluated based on X-ray diffraction peak
broadening. The integral breadth (β) of diffraction peaks is mainly associated with two
contributions: βG, due to the presence of microstrain, and βL, related to crystallite size.
These two effects were deconvoluted from the overall peak broadening using the Halder
and Wagner formalism [42,43]. In this approach, the crystallite size contribution is modeled
with a Lorentzian profile, while the microstrain contribution follows a Gaussian profile.
The integral breadths βG and βL are related to the microstrain (ε) and crystallite size (D)
via the Stokes and Wilson formula [44] and Scherrer’s equation [45], respectively:

βG = 4ε tan θ (1)

βL =
K λ

D cos θ
, (2)

where λ represents the wavelength of CuKα radiation, θ denotes the Bragg’s diffraction
angle of the peak, and k is a constant, taken as 4/3 for spherical crystallites [46]. By applying
these equations, the microstrain and crystallite size can be accurately determined, providing
insight into the microstructural changes occurring in the NBNNOx ceramics.

The two contributions βG and βL are extracted from the integral broadening of the
most intense diffraction peak using the “Winplotr” program. The microstrain (ε) and crys-
tallite size (D) are then determined from Equations (1) and (2), respectively. The obtained
microstructural parameters D and ε are plotted as a function of the substitution rate (x).
The pronounced variation in microstructural parameters illustrated in Figure 9 underlines
the notable influence of Ni/Ba substitution in the NNO parent phase. A sharp decrease
in crystallite size, from 140 nm to 71 nm, is observed when the Ni/Ba content increases
from x = 0 to x = 0.10. This effect is accompanied by an increase in microstrain which
reaches its maximum level of about 0.3% for x = 0.05 and x = 0.10 compared to the other
compositions. In contrast, the NBNNO0.15 ceramic exhibits a slight relaxation of micros-
train, associated with a relative increase in crystallite size up to 86 nm. Such an observation
indicates that the crystallinity of the NBNNO0.15 phase is relatively improved compared to
the NBNNO0.10 phase.
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Figure 9. Variation in the microstructural parameters: crystallite size (D) and microstrain (ε) as
a function of the doping content (x), determined through X-ray diffraction peak broadening and
derived from the Halder–Wagner approach.

For further microstructural analysis, the surface morphology of the NBNNO0.15-
doped ceramic was examined and compared to that of the NNO parent phase. The SEM
micrographs in Figure 10 reveal significant changes in grain size and porosity between the
two samples. The NNO parent phase consists of large particles averaging about 3 µm in size,
with clearly visible pores identified by dark contrasts as depicted in Figure 10a. In contrast,
the NBNNO0.15-doped ceramic, shown in Figure 10b, exhibits a surface morphology with
low porosity and well-faceted, uniformly distributed fine grains, averaging about 0.75 µm
in size. This marked reduction in grain size is consistent with various studies reported in the
literature [47–49]. It is suggested that oxygen vacancies influence grain growth differently
depending on the material system, doping levels, and synthesis conditions. On one hand,
they can enhance ion transport by providing vacant sites for diffusion, promoting grain
growth, particularly in high-temperature sintering processes. On the other hand, they can
accumulate at grain boundaries, forming space charge layers that inhibit grain boundary
migration and thereby reduce grain size. Additionally, the substitution of Ni2+ and Ba2+

ions introduces chemical disorder, which creates lattice distortions, oxygen vacancies, and
internal stresses that further impede grain boundary movement. This combined effect of
oxygen vacancies and chemical disorder likely accounts for the smaller grain size observed
in the doped sample compared to the larger grains of the undoped NNO ceramic.
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In conclusion, the substitution of Ba and Ni substitution at the A and B sites in-
duces significant structural distortions in the crystal lattice, as evidenced by structural,
microstructural, and Raman analysis. These distortions contribute to increasing the local
structural disorder in the doped compounds, which are expected to influence their optical
and dielectric properties.

3.2. Diffuse Reflectance Study

The diffuse reflectance spectra (DRS) at room temperature for NBNNOx ceramics,
measured in the 350–900 nm range, are shown in Figure 11. A comparison with the parent
NNO phase reveals significant changes in the DRS profiles of the doped NBNNOx ceramics.
While the NNO phase shows a stable reflectance plateau over the 450–900 nm spectral
range, the doped NBNNOx ceramics exhibit an enhanced absorption band in the visible
region, particularly in the red-light spectrum. This suggests that the incorporation of Ni2+

and Ba2+ ions alters the optical properties, likely due to modifications in the electronic
structure [35,36].
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Figure 11. Diffuse reflectance spectra of NBNNOx ceramics measured at room temperature in the
350–900 nm range.

Moreover, the diffuse reflectance of the doped ceramics decreases significantly com-
pared to the parent NNO, which maintains a reflectance as high as 96%. The reduction in
reflectance becomes increasingly pronounced with higher doping contents (x), indicating
a clear correlation between doping levels and optical response. This change in reflectance
and absorption is likely influenced by multiple factors, including surface roughness, crys-
tallinity, and grain size [50–52]. Surface roughness, in particular, plays a key role, as it has
been widely reported that rougher surfaces tend to produce more diffuse reflection [53].
Additionally, variations in grain size and the crystallinity of the materials may contribute
to the observed optical changes, affecting light scattering and absorption behavior within
the ceramic matrix.

3.2.1. Band Gap Energy

The optical band gap energy (Eg) of NBNNOx compounds was estimated through
diffuse reflectance measurements using the Kubelka–Munk method [54], which allows
for precise extraction of the Eg value. The reflectance data were first converted into the
Kubelka–Munk function following the expression below [55].

F(R∞) =
K
S

=
(1− R∞)2

2R∞
, (3)
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where F(R∞) denotes the Kubelka–Munk function, R∞ indicates the relative diffuse re-
flectance of the layer with respect to a standard, K represents the absorption coefficient of
the sample, and S is the scattering coefficient.

When materials scatter in a perfectly diffuse manner, the Kubelka–Munk absorption
coefficient K varies proportional to the linear absorption coefficient α [55]. The optical band
gap Eg is related to this coefficient by the following equation [56]:

(α hν) = C1
(
hν− Eg

)n, (4)

where hv is the photon energy, C1 is a proportionality constant, and n an exponent that
reflects the type of electronic transition, with n = 1/2 indicating direct allowed transitions
and n = 2 indicating indirect allowed transitions.

Assuming K is equal to 2α for perfect scattering and incorporating this relation into
Equation (4), the Kubelka–Munk expression is reformulated as follows:

(F(R) hν) = C1
(
hν− Eg

)n (5)

The n value is evaluated following the method outlined in [57]. By plotting ln(F(R)hv)
against ln(hv − Eg) for an estimated Eg value, the slope of the linear region near the band
edge provides the n value. This value is found to be equal to 2, affirming that the optical
transition is indirectly allowed for the undoped and doped compounds. In this case, the
photon absorption process promotes an indirect electronic transition between the valence
and conduction bands. The Eg values for NBNNOx ceramics are determined by plotting[

F(R∞)hv]1/2 versus ( hv) and extrapolating the linear region of the curve to its intercept
with the abscissa.

As shown in Figure 12, the extrapolation of the linear part of the Kubelka–Munk curves,
derived from the absorption data, reveals a significant reduction in the band gap of the
doped NBNNOx compounds. Additionally, Figure 13 illustrates a nearly linear correlation
between the band gap and the doping content. The Eg value decreases significantly from
3.34 eV to 1.08 eV as the doping content increases from 0 to 0.15, corresponding to a band
gap tunability of 2.26 eV. A similar extensive band gap tunability has also been reported in
KBNNO solid solutions [36,58].
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Figure 12. Kubelka–Munk transformed reflectance spectra of NBNNOx ceramics at room temperature
(solid lines), showing the determination of the band gap energy (Eg) through the extrapolation of the
linear portion of the spectra (dotted lines).
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Figure 13. Dependence of the band gap and Urbach energy on doping content. The Urbach energy
(Eu) is extracted from the slope of the linear fit in the plot of ln(F(R)) versus photon energy (hν).

These findings highlight the critical role of Ni, as well as the generated oxygen vacan-
cies, in the significant lowering of the band gap, consistent with theoretical expectations
for Ni-doped PbTiO3 ceramics [35]. Specifically, it has been proven that the Ni–VO–Nb
configuration tailored by the oxygen vacancies generates a higher density of Ni-3d states in
the valence band. In this case, the valence band maximum consists of hybridized Ni-3d
and O-2p states, while the conduction band minimum is governed by Nb-4d states. The
presence of filled Ni-3d gap states within the NNO host is thus expected to play a crucial
role in the observed reduction in the Eg band gap. In contrast, the wide band gap of the
parent NNO phase arises from the intrinsic properties of the metal–oxygen (Nb–O) bonds,
where the excitation across the band gap mainly involves charge transfer from the O-2p
states at the valence band maximum to the Nb-4d states at the conduction band minimum.

The pronounced band gap reduction observed in NBNNOx ceramics highlights the
significant influence of transition metal doping on the electronic structure of perovskite
materials. The quasi-linear relationship between band gap energy and doping content
indicates that the degree of band gap tunability can be precisely controlled by adjusting
the dopant concentration, making these materials highly versatile for various applications.
These findings confirm the crucial role of Ni and oxygen vacancies in modulating the
material’s optical properties, potentially enabling their use in visible-light-driven photo-
catalysis or other applications where light absorption is critical. Additionally, comparisons
with KBNNO solid solutions suggest that such band gap engineering strategies may be
widely applicable to similar perovskite systems, paving the way for the design of functional
materials with tailored properties [36,58,59].

3.2.2. Urbach Energy

In general, numerous factors associated with structural disorder in the lattice can sig-
nificantly affect the energy band structure [13,60]. Specifically, structural defects introduced
within the band gap can contribute prominently to reducing the Eg value by generating
intermediate levels within the band gap [61]. The extent of these defects can be quantified
through the Urbach energy (Eu), which measures the magnitude of defect-related energy
states [62,63]. The Urbach energy is determined using the following equation [64]:

α = α0 + exp
(

hν

Eu

)
, (6)
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where α is the absorption coefficient and α0 is a constant. Since the absorption coefficient
α is proportional to the Kubelka–Munk function F(R), Equation (6) can be rewritten in
logarithmic form as follows:

ln (F(R)) = C +
hν

Eu
, (7)

where C is a constant. The Urbach energy Eu is determined by plotting ln(F(R)) against
photon energy (hν). The reciprocal of the slope of the linear fit provides the Eu value. The
obtained Eu values, along with the corresponding band gap energy (Eg), are depicted in
Figure 13. The graph clearly shows that the Urbach energy increases significantly with
higher Ni/Ba content, rising from 170 meV for x = 0 to 700 meV for x = 0.15. This suggests
that as the defect energy increases, the band gap decreases. This observation highlights
how structural defects contribute to the narrowing of the band gap and emphasizes the
role of defect states in modifying the material’s optical properties, as commonly reported
in several works [49,61,65].

It can be concluded that the substantial increase in Urbach energy with higher Ni/Ba
doping confirms that the introduction of these elements leads to a higher density of defect
states. This increased defect density contributes to the effective narrowing of the band
gap. Understanding this phenomenon is crucial for elucidating the electronic and optical
behavior of doped NBNNOx ceramics and is valuable for applications that require precise
band gap tuning.

3.3. Dielectric Study

Figure 14 shows the temperature dependence of the real part of the dielectric permit-
tivity (ε′r) and dielectric loss (δ) of the NBNNOx ceramics, measured at various frequencies.

The pure NNO ceramic, featuring a Pbma antiferroelectric structure, known as the
P phase, displays three distinct dielectric peaks, each associated with a phase transition
during heating, as shown in Figure 14a. The first dielectric peak at 686 K indicates the
transition from the P phase to the antiferroelectric R phase, which has an orthorhombic
Pmmn structure. The second peak, observed near 765 K, marks the transition from the
R phase to the paraelectric S phase, also adopting an orthorhombic Pmmn structure. The
third peak, observed at 796 K, is attributed to the paraelectric–paraelectric transition from
the S phase to the T(1) phase, characterized by an orthorhombic Ccmm structure. At higher
temperatures, further transitions are expected to occur from the T(1) phase to the T(2) phase,
and subsequently to the C phase [66]. These subsequent transitions involve paraelectric
phases that do not exhibit spontaneous polarization. Instabilities in the tilting of the oxygen
octahedra and the displacement of the Nb5+ ions from the centers of their octahedral sites
drive these temperature-induced phase transitions.

Upon heating, the material undergoes successive phase transitions, progressively
reducing tilts and displacements until it achieves the cubic aristotype structure (Pm3m).
Both the permittivity and dielectric loss peaks show significant frequency dispersion, while
the corresponding TP−R, TR−S, and TR−T(1) phase transition temperatures remain invariant
with frequency. The high values of ε′r at low frequencies can be attributed to the presence
of various types of polarizations (interfacial, dipolar, atomic, ionic, and electronic) within
the ceramic. However, at high frequencies, some of these polarizations contribute less to ε′r,
which is consistent with normal dielectric behavior.

A significant change in dielectric behavior is observed in NBNNOx ceramics, charac-
terized by a noticeable shift of the dielectric peaks toward lower temperatures at specific
frequencies, as shown in Figure 14b–d. In doped NBNNOx ceramics, two primary dielectric
transition peaks are observed. We define Region I as the temperature range corresponding
to the first transition, occurring at the temperature T1m. Region II is defined by a higher tem-
perature range, where the second phase transition occurs at the temperature T2m, indicated
by a second peak.
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the S phase to the T(1) phase, characterized by an orthorhombic Ccmm structure. At 
higher temperatures, further transitions are expected to occur from the T(1) phase to the 
T(2) phase, and subsequently to the C phase [66]. These subsequent transitions involve 
paraelectric phases that do not exhibit spontaneous polarization. Instabilities in the tilting 
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Figure 14. Temperature dependence of the real part of the dielectric permittivity (εr
′) and dielectric

loss (δ) of the NBNNOx ceramics: (a) NNO; (b) NBNNO0.05; (c) NBNNO0.10; (d) NBNNO0.15. The
dielectric loss (δ) curves are presented in the inset of each figure.

At a lower doping level, the NBNNO0.05 ceramic sample exhibits two distinct dielectric
transitions, characterized by sharp and intense permittivity peaks at 710 K and 734 K, as
shown in Figure 14b. The peak maxima shift significantly toward higher temperatures
with increasing frequency, indicating a significant frequency dependence of Tm, which
suggests relaxor-like behavior in the material. As the doping level increases, an interesting
feature emerges in Figure 14c,d. The permittivity of NBNNO0.10 and NBNNO0.15 ceramics
exhibits a broad main peak at temperatures T1m of 445 K and 270 K for 1 kHz, respectively.
These dielectric transitions are marked by a diffuse nature, with frequency-dependent
variations in both permittivity and dielectric loss around the peak maxima. Specifically,
in the NBNNO0.15 sample, the temperature T1m of the ε′r maximum shifts to higher values
with increasing frequency, while the intensity of the ε′r maximum decreases (Figure 14d).
This temperature shift and significant frequency dispersion observed for T < T1m suggest
relaxor-like behavior for this transition. At higher temperatures, both NBNNO0.10 and
NBNNO0.15 ceramics exhibit a second phase transition, as clearly shown by the dielectric
loss curves in the inset of Figure 14c,d. The T2m temperature decreases from 605 K to
480 K with increasing doping, along with a reduction in the intensity of the corresponding
permittivity and dielectric loss peaks. In contrast to NBNNO0.10, the second transition in
NBNNO0.15 ceramic shows a slight shift to higher temperatures with increasing frequency,
confirming the relaxor-like behavior of this transition. These dielectric changes in doped
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NBNNOx ceramics are generally attributed to the inhomogeneous distribution of incor-
porated ions within the NNO host. It can be concluded that substituting Ni2+ for Nb5+

and Ba2+ for Na+, along with the creation of oxygen vacancies, primarily influences the
dielectric properties of NaNbO3 by lowering the transition temperature and promoting
relaxor-like behavior. Similar dielectric behavior has been observed in other NaNbO3-
based lead-free solid solutions, including Na1−xBaxNbxTi1−xO3 [4,67] and Zr/Ln co-doped
Na0.8Ba0.2Nb0.8Ti0.2O3 [10].

Based on the temperature dependence of dielectric permittivity, several empirical
parameters can be defined to thoroughly evaluate the nature of the dielectric response
in NBNNOx ceramics. Among these parameters, ∆Tm is commonly used to indicate the
degree of deviation from the Curie–Weiss law, while the coefficient γ reflects the degree of
diffuseness in dielectric transitions. Additionally, the Trelax parameter, which describes the
frequency dispersion of Tm, mainly reflects the degree of relaxor behavior [68–70].

The deviation of the observed dielectric transitions in the doped NBNNOx ceramics
from the Curie–Weiss law, which is typically associated with normal dielectric behavior,
is evaluated by plotting the inverse dielectric permittivity against temperature at 1 kHz,
as illustrated in Figure 15. Extrapolating the linear region at higher temperatures clearly
shows a deviation from the Curie–Weiss law (Equation (8)) for all compounds [71].

1
εr ′

=
T − T0

C
, (T � T0), (8)

where C is the Curie–Weiss constant and T0 is the Curie–Weiss temperature. The degree of
deviation ∆Tm from the Curie–Weiss law is defined as follows [72]:

∆Tm = Tdev − Tm, (9)

where Tdev indicates the temperature at which the permittivity begins to deviate from the
Curie–Weiss law, while Tm corresponds to the temperature of the dielectric maximum, as
illustrated in Figure 15. The calculated ∆Tm values and the fitting parameters T0 and C,
derived for each dielectric transition using Equation (8), are shown in Table 3. The observed
deviation of dielectric transitions in the doped NBNNOx ceramics from the Curie–Weiss
law offers significant insights into the complex dielectric behavior of these materials. The
increase in ∆Tm with higher levels of Ni and Ba doping, particularly evident in the first
transition of the NBNNO0.10 and NBNNO0.15 ceramics, suggests the emergence of diffuse
phase transition behavior. This diffuse transition is characterized by a broadening of the
dielectric peak and a more gradual change in permittivity with temperature, rather than
a sharp, well-defined transition typical of standard dielectric materials. Similar dielectric
behavior has been noted in various lead-free compounds, including Ba(ZryTi1−y)O3 [69],
(1 − x)BaTiO3–xBi(Zn0.5Ti0.5)O3 [73], and Na1−xBaxNbxTi1−xO3 [4,67].

Table 3. The Curie–Weiss temperature (T0), Curie–Weiss constant (C), temperature of the dielectric
permittivity constant maximum (Tm), the temperature above which the dielectric constant follows
the Curie–Weiss law (Tdev), and the degree of deviation from the Curie–Weiss law parameter (∆Tm)
for the doped NBNNOx ceramics at 1 kHz.

NBNNO0.05 NBNNO0.10 NBNNO0.15

First transition

T0 (K) 700 173 178
C (×105 K) 1.39 4.92 2.09

Tm K) 710 444.5 276
Tdev (K) 720 486 420

∆Tm = Tdev − Tm (K) 10 41.5 44

Second transition

T0 (K) 729 256 182
C (×105 K) 0.99 3.97 1.48

Tm (K) 735 598.6 486
Tdev (K) 746 612 505

∆Tm = Tdev − Tm (K) 11 13,4 19
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Figure 15. Temperature dependence of the inverse dielectric constant for the doped NBNNOx

ceramics at 1 kHz: (a) NBNNO0.05; (b) NBNNO0.10; (c) NBNNO0.15. Solid lines represent the
experimental data, while dotted lines indicate the extrapolation of the linear fit to the Curie–Weiss
law. Tm marks the temperature of the dielectric constant maximum, and Tdev denotes the temperature
above which the dielectric constant follows the Curie–Weiss law. The deviation from the Curie–Weiss
law is illustrated for the first dielectric transition.

The diffuseness of the dielectric transition can be effectively modeled by the modified
Curie–Weiss law introduced by Uchino and Nomura, expressed as follows [74]:

1
εr ′
− 1

εr ′ m
=

(T − Tm)
γ

C′
, (T � Tm), (10)

where γ reflects the diffuseness degree indicator (1 ≤ γ ≤ 2) and C′ is the modified
Curie–Weiss constant. The value of γ provides insight into the nature of the phase transition:
γ = 1 indicates respect for the normal Curie–Weiss law, while γ = 2 signifies a complete
diffuse phase transition. According to Equation (10), the plots of ln(1/εr

′ − 1/εr
′
m) versus

ln(T − Tm) at 1 kHz are presented in Figure 16. A clear linear relationship is evident for all
studied compositions, suggesting the effectiveness of the modified Curie–Weiss law.
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Figure 16. Plot of ln(1/εr
′ − 1/εr

′
m) versus ln(T − Tm) for the doped NBNNOx ceramics at 1 kHz:

(a) NBNNO0.05; (b) NBNNO0.10; (c) NBNNO0.15. The filled squares represent the experimental data,
while the dotted lines indicate the extrapolation of the linear fit to the modified Curie–Weiss law. The
slope of the fitting curves reflects the degree of diffuseness, γ.

The slope of the fitting curves determines the γ value. The fitting parameters γ and
C′, obtained using Equation (10), are listed in Table 4. The high γ values clearly indicate
that the doped NBNNOx ceramics display strong diffuse phase transition behavior, with
a near-complete diffuse transition observed specifically in the NBNNO0.05 and NBNNO0.10
ceramics. This pronounced diffuseness implies that the dielectric response becomes in-
creasingly complex and less characteristic of normal dielectric behavior. This suggests
that the introduction of Ni2+ and Ba2+ ions induces greater structural disorder, leading
to a more gradual transition and a broader temperature range over which the dielectric
constant changes.

The diffuse phase behavior can thus be related to the disruption of long-range ordering
and lattice distortion induced by the substitution of Ni2+ and Ba2+ ions in the NNO host
lattice. The incorporation of these ions creates a complex local environment, introducing
strain and disorder due to variations in ionic radii and valence states. Consequently, this
results in a broadening of the phase transition, where different regions within the material
undergo the transition over a range of temperatures.
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Table 4. The dielectric permittivity maximum (εr
′
m), the temperature of the dielectric permittivity

maximum (Tm), the diffuseness parameter (γ), and the modified Curie–Weiss constant (C′) for the
doped NBNNOx ceramics at 1 kHz.

NBNNO0.05 NBNNO0.10 NBNNO0.15

First transition

εr
′
m (K) 8430 1638 1002

Tm (K) 710 444.5 276
γ 2.1 1.9 1.7

C′ (×105 K) 56 369 99

Second transition

εr
′
m (K) 5405 1210 574

Tm (K) 734 598.6 486
γ 2.0 1.2 1.6

C′ (×105 K) 34 7 10

The degree of relaxor behavior parameter δTrelax, which characterizes the frequency
dispersion of the temperature at the maximum dielectric constant, Tm, is expressed as
follows [10]:

δTrelax = Tm (1 MHz) − Tm (1 kHz) (11)

This parameter, derived from the dielectric measurements of NBNNOx ceramics,
quantifies the material’s tendency toward relaxor-like behavior. Higher δTrelax values
indicate a stronger relaxor characteristic. The δTrelax values listed in Table 5 reveal a distinct
evolution in the dielectric behavior of the NBNNOx ceramics. For the NBNN0.05 and
NBNNO0.15 compositions, these values suggest a clear transition from normal dielectric
behavior to relaxor-like characteristics, indicative of the increasing complexity and disorder
within the material’s structure. This effect is particularly evident in the NBNNO0.15 ceramic,
where a strong relaxor behavior is observed near ambient temperature, marking a notable
shift in the material’s dielectric properties. The enhanced relaxor behavior observed
in the NBNNO0.05 and NBNNO0.15 ceramics can be attributed to the significant lattice
distortion and chemical disorder resulting from the Ni2+ and Ba2+ ion incorporation into
the NNO parent phase. The partial substitution of Na+ by Ba2+ and Nb5+ by Ni2+ results
in significant local compositional fluctuations, which disrupt the long-range Coulombic
interactions critical for the stabilization of ferroelectric microdomains. This disruption
prevents the formation of long-range ordered ferroelectric domains, instead giving rise to
nano-polar regions characterized by short-range order [75–77]. Within these regions, each
nano-domain undergoes a phase transition at a distinct temperature, contributing to the
diffuse nature of the phase transition and the pronounced relaxor behavior observed in
the NBNNO0.05 and NBNNO0.15 ceramics. In contrast, the NBNNO0.10 ceramic exhibits
only a pronounced diffuseness in the dielectric transition, without fully developing the
relaxor-like behavior seen in the other compositions. This suggests that while NBNNO0.10
does experience a disruption in long-range ferroelectric order, it does not reach the same
level of disorder and local heterogeneity necessary to fully manifest relaxor properties. The
differences in dielectric response among these compositions highlight the critical role of
doping concentration in tuning the material’s phase transition behavior, offering valuable
insights for the design of materials with tailored dielectric properties.

Table 5. The temperature of the dielectric permittivity maximum (Tm) and the degree of relaxor
behavior parameter (δTrelax) for the doped NBNNOx ceramics.

NBNNO0.05 NBNNO0.10 NBNNO0.15

First transition
Tm (K) (1 kHz) 710 444 272
Tm (K) (1 MHz) 729 444 309

δTrelax (K) 19 0 37

Second transition
Tm (K) (1 kHz) 734 598 486
Tm (K) (1 MHz) 750 598 497

δTrelax (K) 16 0 11
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4. Conclusions

The incorporation of Ni and Ba into NaNbO3 antiferroelectric ceramics has profoundly
influenced their structural, dielectric, and optical properties, with promising implications for
advanced technologies. Doping introduced significant distortions in the crystal lattice and
BO6 octahedra, preserving the perovskite structure in [NaNbO3]1−x[BaNi1/2Nb1/2O3−δ]x
ceramics and heightening local structural disorder, which in turn impacted the material’s
dielectric and optical behaviors. Ni and Ba doping led to lead-free ceramics with strong relaxor
behavior near room temperature, particularly at x = 0.15, making them ideal for applications
requiring stable dielectric properties. Additionally, the optical band gap energy was reduced
from 3.34 eV to 1.08 eV, demonstrating remarkable tunability, which underscores the role of
Ni and oxygen vacancies in modulating the material’s electronic structure, making it suitable
for photocatalysis and photovoltaic applications. The combination of room-temperature
relaxor behavior and significant band gap tunability positions NBNNOx ceramics as excellent
candidates for multifunctional applications, such as cellular solar energy, photocatalysis, and
energy storage. These structural, dielectric, and optical advancements expand the potential of
perovskite materials in high-performance, environmentally friendly devices and mark a major
step forward in the development of lead-free materials for energy and electronic technologies.
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Abstract: Inorganic dielectric films have attracted extensive attention in the field of microelectronic
and electrical devices because of their wide operating temperature range, small size, and easy inte-
gration. Here, we designed and prepared eco-friendly (1-x)Bi0.45Na0.45Ba0.1TiO3-xBi(Mg1/3Nb2/3)O3

multifunctional ferroelectric thin films for energy storage and photovoltaic. The results show that
Bi(Mg1/3Nb2/3)O3 can effectively improve the energy storage performance. At x = 0.05, the energy
storage density and efficiency are as high as 73.1 J/cm3 and 86.2%, respectively, and can operate
stably in a wide temperature range. The breakdown field strength of the thin films increased sig-
nificantly, and the analysis showed that the addition of Bi(Mg1/3Nb2/3)O3 caused a change in the
internal conduction mechanism. At the same time, the generation of polar nanoregions increases the
relaxation characteristics, thus improving the energy storage properties. In addition, the thin film
material also has excellent ferroelectric photovoltaic properties. This work represents a new design
paradigm that can serve as an effective strategy for developing advanced multi-functional materials.

Keywords: thin film; energy storage; photovoltaic; ceramics

1. Introduction

With the increasing demand for renewable energy and the rapid advancements in elec-
trical and electronic technology, the research focus in the energy field has shifted towards
developing electrical energy storage devices with high power density, high voltage, low
cost, and potential for large-scale applications [1–5]. Dielectric capacitors offer advantages
such as higher power density, faster charge and discharge rates, exceptional cycle life, and
improved safety, making them suitable for various applications, including green energy
storage, pulse power systems, and military facilities. Despite these benefits, dielectric ca-
pacitors have limitations in energy storage density, and the evolving trend towards smaller,
lighter, and more integrated electronic devices poses challenges for their energy storage
performance [6–9]. Addressing these gaps to enhance energy storage density remains a key
research area. The energy storage performance of dielectric capacitors is typically assessed
using the following formula [10–12]:

Energy storage density (W) =
∫ Pmax

0
EdP (1)
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Recoverable energy storage density (Wrec) =
∫ Pmax

Pr
EdP (2)

Energy storage efficiency (η) =
Wrec

W
× 100% (3)

wherein Pmax, Pr, P, and E are the maximum field polarization, residual polarization,
polarization, and external electric field, respectively. Increasing the gap between Pmax and
Pr and enhancing the breakdown strength (BDS) is an effective strategy to maximize energy
storage density.

At present, commercially available dielectric energy storage devices are mainly made
of organic polymer materials, but such capacitors are often not resistant to high temper-
atures [13]. In contrast, inorganic ceramic-based dielectric materials have better temper-
ature stability, making them suitable for a wide temperature range [14,15]. Addition-
ally, ceramic-based dielectric materials have high dielectric constant and polarization
strength, which can achieve significant energy storage density even under low electric field
conditions [16–18]. Among them, ceramic films have a small thickness and can achieve
high electric field strength and energy storage density at very low voltage levels. These
materials are lightweight, highly integrated, and show great potential for various appli-
cations. Lead-containing ceramics generally exhibit good energy storage properties by
reducing grain size and constructing field-induced phase transition with higher releasable
energy density (Wrec) and energy storage efficiency (η) [19]. However, lead can cause
environmental pollution problems and damage human health, so it is very necessary to
develop alternative lead-free energy storage ceramics. Lead-free ferroelectric thin film
materials, such as sodium bismuth titanate-based (Na0.5Bi0.5TiO3, NBT) ferroelectric thin
films, have garnered attention due to their unique diffusion phase transition behavior
and relaxation ferroelectric properties [20–22]. Despite advantages like high dielectric
constant, large Pmax (>40 µC/cm2), and high Curie temperature (approximately 320 ◦C),
pure NBT faces limitations such as high Pr (approximately 38 µC/cm2), large coercive
field (approximately 70 kV/cm), and low BDS (<100 kV/cm), hindering its energy storage
density and efficiency improvements. These constraints restrict its widespread applica-
tion in energy storage and development. In response to the above problems, researchers
have improved the energy storage performance of NBT films by inducing or enhancing
relaxation and designing material structure. For example, Liu et al. prepared lead-free thin
film (0.94-x)Bi0.5Na0.5TiO3-0.06BaTiO3-xSrTiO3 (referred to as BNT-BT-xST, x = 0, 0.05, 0.10,
0.15, 0.20) using a sol-gel/spin-coating method and studied the effect of the introduction
of strontium on the microstructure, dielectric properties, and energy storage density of
the film [23]. The results show that the addition of strontium improves the maximum
polarization and dielectric constant of the film. The film has a high maximum recyclable
energy storage density of 22.5 J/cm3 and a dielectric constant of 1120 at 1 kHz. Chen et al.
conducted component exploration of (1-x)Bi0.5(Na0.8K0.2)0.5TiO3-xSrZrO3 (BNKT-100xSZ)
thin film [24]. When x = 0.15, the BNKT-SZ thin film has an energy storage density of
34.69 J/cm3. In addition, the BNKT-15SZ film has good thermal stability over a wide
temperature range of 30–100 ◦C. Therefore, it is effective to modify NBT-based thin film
materials using specific components of doped solid solutions.

In this work, based on (Bi0.5Na0.5)TiO3 ceramic film, Ba2+ ions were doped at the
A-site, and a solid solution was performed with the second component Bi(Mg1/3Nb2/3)O3
to optimize the properties of the films. We systematically studied the phase structure,
microstructure, dielectric properties, and energy storage properties of Bi0.45Na0.45Ba0.1TiO3-
xBi(Mg1/3Nb2/3)O3 films. The results show that the introduction of Bi(Mg1/3Nb2/3)O3
significantly improves the breakdown strength and relaxation properties of films, thereby
enhancing its energy storage properties. In addition, the film material not only demon-
strates outstanding temperature stability but also showcases excellent photovoltaic and
photodetection properties. These qualities are essential to ensure the reliable operation
of the equipment in practical applications. For energy storage applications, this material
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can be further made into multi-layer ceramic capacitors (MLCC). MLCC is ubiquitous
in modern electronic devices, such as hybrid cars and advanced medical equipment. In
photovoltaic applications, photodetectors made mainly of such materials can be used in a
variety of fields, such as sensing, imaging, and night vision.

2. Materials and Methods

The (1-x)Bi0.45Na0.45Ba0.1TiO3-xBi(Mg1/3Nb2/3)O3 (BNBT-xBMN, x = 0, 0.025, 0.050,
and 0.075) film were prepared on Pt/Si substrate via a sol-gel method. PVD technique
was used to deposit Pt on Si substrate to obtain the bottom electrode. Bismuth nitrate
pentahydrate (99%, Aladdin reagent Co., Ltd., Shanghai, China) sodium acetate trihydrate
(99%, Sinopharm Chemical Reagent Co., Ltd., Shanghai, China), tetrabutyl titanate (98%,
Sinopharm Chemical Reagent Co., Ltd., Shanghai, China), barium acetate (99%, Aladdin
reagent Co., Ltd., Shanghai, China) magnesium acetate tetrahydrate (99%, Aladdin reagent
Co., Ltd., Shanghai, China) ammonium niobate oxalate hydrate (99.99%, Aladdin reagent
Co., Ltd., Shanghai, China) were selected as the raw materials. Glacial acetic acid (99.5%,
Sinopharm Chemical Reagent Co., Ltd., Shanghai, China), acetylacetone (99%, Sinopharm
Chemical Reagent Co., Ltd., Shanghai, China), and distilled water were used as the solvents.
According to the stoichiometric ratio, two precursor solutions of BNBT and BMN were
prepared by mixing the above raw materials and then mixed separately according to the
ratio. To compensate for volatilization during annealing, an excess of 10 mol% sodium
and bismuth was used. The preparation steps of the BNBT precursor solution were as
follows. First, the distilled water and glacial acetic acid were heated to 80 ◦C; then, sodium
acetate trihydrate, bismuth nitrate, and barium acetate were added and fully dissolved.
After natural cooling to room temperature, acetylacetone was added and stirred for 20 min.
Finally, tetrabutyl titanate was added and stirred for 20 min. The volume ratio of glacial
acetic acid, distilled water, and acetylacetone is 4:1:1. BMN precursor solution was prepared
by the same method and then mixed with BNBT precursor solution in proportion. For-
mamide, lactic acid, and polyvinyl pyrrolidone in a ratio of 1:1:1 were added to the mixed
solution to increase viscosity and avoid cracks after film formation. The final concentration
of the solution is 0.5 mol/L. Then, the resulting BNBT-xBMN precursor solutions were
spin-coated on the Pt/Si layer at 3000 rpms for 30 s. After each coating, the wet layer
was dried (150 ◦C, 3 min), pyrolyzed (410 ◦C, 10 min), and crystallized (700 ◦C, 3 min)
by using a high-temperature tubular furnace. The above steps are repeated until the film
reaches the desired thickness. Finally, the sample was annealed in a tube furnace at 700 ◦C
to crystallize.

The crystal structure and microstructure of the films were analyzed by X-ray diffrac-
tometer (XRD Bruker D8 Advance diffractometer, Germany) and scanning electron micro-
scope (FE-SEM, Zeiss GeminiSEM 300, Germany), respectively. The polarization electric
field (P-E) hysteresis loops and leakage current density-electric field (J-E) curves were
performed through ferroelectric test system (Radiant Technologies, Inc., Albuquerque,
NM, USA). The energy storage performance of the film was calculated by P-E loops. The
dielectric properties were investigated by Agilent E4980A LCR analyzer. The evolution of
microstructure, domain structure, and the piezoelectric response of the films were mea-
sured by piezoelectric force microscopy (PFM, Bruker, Icon, Germany). The photovoltaic
performance of the films was measured by using electrometers (Keithley, 6517B, USA) and
a solar simulator (NBeT, Solar500, China).

3. Results and Discussion

The XRD pattern of BNBT-xBMN grown on the Pt/Si substrate measured at room
temperature is shown in Figure 1a; all the samples show a typical perovskite structure.
The diffraction peak of the second phase can be observed near 36◦. JADE software (MDI
jade 6) analysis indicates that this phase is most likely NbO, whose ICSD number is 61634.
Compared with the x = 0 sample, the (200) peak of the samples doped with BMN is
obviously shifted, which is due to the lattice distortion caused by the introduction of
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atoms with different ionic radii at both A and B positions. Figure 1b shows the surface
microstructure of the sample with x = 0.050, and the grains are evenly distributed and
closely arranged. The smaller grains increase the number of grain boundaries, which will
increase the channel for carrier transport, helping to improve photovoltaic performance.
The illustration in Figure 1b shows the morphology of the sample cross-section. The
boundary between the dielectric layer and the substrate is obvious; the dielectric layer is
uniform and continuous, and the thickness is about 200 nm. The other components also
exhibit dense microstructure and smaller grains, as shown in Figure S1.
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Figure 1. (a) XRD patterns of the BNBT-xBMN thin films with different compositions, and (b) SEM
image of the sample with x = 0.050.

Figure 2a illustrates P-E loops measured for the BNBT-xBMN thin films under a critical
electric field at a frequency of 10 Hz. Obviously, the x = 0 sample is broken down at a
lower electric field and exhibits a large Pr and coercive field (Ec), resulting in a fatter ring
of the P-E loops. With the increase in BMN doping, the breakdown electric field of the
film sample obviously increases, the Pr decreases, and the shape of the curve gradually
becomes thin. But, the introduction of BMN also caused a decrease in the Pmax. The Wrec
and η corresponding to Figure 2a were calculated, and their change curves were shown in
Figure 2b. It can be seen that with the increase in BMN doping, Wrec increases first and then
decreases, while η keeps increasing. Finally, it showed the best energy storage performance
in the x = 0.050 sample. The P-E loops of x = 0.050 sample measured under different electric
fields are shown in Figure 2c. Its maximum electric field is up to 2500 kV/cm, and due
to relaxation properties, the curve always remains thin as the electric field changes. By
calculation (Figure 2d), Wrec keeps increasing as the electric field increases, and η is the
opposite. The Wrec and η of the x = 0.050 sample changed from 6.1 J/cm3 and 88.7% at
625 kV/cm to 73.1 J/cm3 and 86.2 % at 2500 kV/cm.

The temperature-dependent εr and tanδ of the BNBT-xBMN thin films at 10 kHz are
depicted in Figure 3. It can be seen that the εr of the x = 0 samples increases sharply with the
increase in temperature in the lower temperature region and shows an obvious inflection
point near 150 ◦C, and the amplitude of change slows down. With the increase in BMN
content, the magnitude of εr changes gradually decreases, and the inflection point around
150 ◦C becomes increasingly blurred. This suggests that the introduction of BMN leads to a
decrease in polar coupling and an increase in relaxation behavior [25]. The dielectric loss
also shows a similar phenomenon with the change in temperature. With the increase in
BMN, the change of tanδ slows down, and the dielectric loss decreases overall.

Figure 4a,d and Figure S2a,d display atomic force microscope (AFM) images of BNBT-
xBMN films. The arithmetic average roughness (Ra) of each component film was calculated
using NanoScope Analysis software (NanoScope Analysis 2.0), resulting in values of
4.29 nm, 4.48 nm, 4.11 nm, and 4.46 nm. Notably, the BMN-doped film with x = 0.050 ex-
hibited the smallest Ra value, suggesting an optimal solid solution ratio between BNBT
and BMN. This particular film sample demonstrated superior grain growth and surface
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flatness. On the other hand, Figure 4b,e and Figure S2b,e show out-of-plane pressure
power microscopy (PFM) images of BNBT-xBMN thin films, with different colors indicating
various phase directions [26,27]. The x = 0 sample (Figure 4b) exhibited a distinct electric
domain structure, indicative of a long-range ordered ferroelectric state. As the BMN content
increased, the domain size reduced, and the number of domains multiplied, leading to
the formation of polar nanoregions (PNRs). At x = 0.050 (Figure 4e), no continuous large-
sized ferroelectric domains were observed, emphasizing the presence of PNRs as a key
structural characteristic of relaxation ferroelectrics. The evolution of the domain structure
clearly illustrates that the addition of BMN induces a transition from a ferroelectric to a
relaxation state. The addition of BMN causes local lattice distortion and fluctuation in
charge distribution, leading to the development of a random electric field internally. This
electric field can either pin or distort domain walls, facilitating the formation of PNRs.
With an increase in BNZ content, the local electric field strength rises, resulting in the
creation of more PNRs and ultimately enhancing the relaxation of the system. To better
understand the behavior of ferroelectric domains and PNRs, the phase and amplitude of
the piezoelectric response were measured in selected areas of all samples as a function
of applied DC voltage, as illustrated in Figure 4c,f and Figure S2c,f. The phase-voltage
loop shows that at x = 0, the loop appears nearly square with evident electrical hysteresis.
As BMN content increases, the square shape gradually diminishes, transforming into an
approximate single line shape at x = 0.050, indicating the gradual formation of the PNRs
region and a decrease in hysteresis. This suggests that PNRs are more easily influenced
by external electric fields compared to traditional ferroelectric domains. Furthermore, the
amplitude–voltage diagram at x = 0 displays a classic butterfly curve, demonstrating clear
ferroelectric behavior. As BMN content increases, the butterfly curve becomes narrower,
indicating heightened relaxation behavior [28]. Overall, the introduction of BMN leads to
the emergence of PNRs, triggering the transition from a ferroelectric state to a relaxed state.
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and amplitude of the BNBT-xBMN thin films: (a–c) x = 0; (d–f) x = 0.050.

In addition to the relaxation characteristics, the BDS is another important factor
affecting the energy storage performance of the dielectric [29]. The leakage current density
of a material is closely related to the strength of the BDS, the current densities for BNBT-
xBMN thick films are plotted against the applied electric field (J-E) and shown in Figure 5a.
Clearly, with the increase in BMN, the leakage current density gradually decreases. When
x = 0.075, the leakage current density is the smallest, which corresponds to the changing law
of the BDS in Figure 2a. In order to further explore its internal mechanism, the logarithmic
plots of J as a function of E for BBT-xBMN films were drawn, and linear fitting was carried
out, as shown in Figure 5b. It can be seen that the slope of the x = 0 sample after fitting is
always the same, while the thin film after BMN doping has two different fitting results in the
lower (below 100 kV/cm) and higher (over 100 kV/cm) electric fields, respectively. At lower
electric fields, the slope is approximately 1. At higher electric fields, the slope decreases
from 2.16 to 1.39 and gradually approaches 1. Obviously, the curves in the figure can be
explained by the space-charge-limited current (SCLC) model [30]. When the slope is near 1,
it is Ohmic conduction, while when the slope is near 2, the modified Child’s law conduction
is followed [31]. It can be concluded that when the conductivity mechanism in the film is
modified by Child’s law conduction, the leakage current density is large, and the film is
easy to break down. With the increase in BMN content, the internal conductance model
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changes to Ohmic conduction, and the conductance mechanism dominated by Ohmic
conduction helps to reduce the leakage current density of the film, thereby increasing the
breakdown electric field strength.
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Figure 5. (a) J-E curves of the BNBT-xBMN thin films and (b) the fitting of unipolar J-E curves.

Temperature reliability is an important index to measure the practical application
characteristics of electronic devices [28,32]. Figure 6a plots the unipolar P-E loops of the
x = 0.050 film measured at various temperatures under 1000 kV/cm at 10 Hz. As the
temperature was elevated from room temperature (~25 ◦C) to 200 ◦C, Pmax increased
gradually, but P-E loops widened slightly. This is due to temperature-induced leakage
loss or ionic conduction. As can be seen from Figure 6b by calculating the corresponding
energy storage performance, there is a slight decrease in Wrec from 23.6 J/cm3 to 22.4 J/cm3

and a significant reduction in η from 87.4% to 81.8%. Although η attenuates in the high-
temperature environment, the relatively stable Wrec can still ensure the normal operation
of the device at a high temperature. This proves that the x = 0.050 sample has excellent
temperature reliability.
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(b) the corresponding calculated Wrec and η.

To investigate the photovoltaic (PV) properties of the x = 0.050 sample, the electric
current density–voltage (J-V) characteristics were tested in the unpolarized state and
polarized state (±80 V). As can be seen from Figure 7a, the as-grown sample did not
show obvious photovoltaic properties under illumination. After poling with a voltage of
+80 V, a photocurrent density of 1.46 µA/cm2 was obtained. After poling with a voltage
of −80 V, the direction of the photocurrent reverses, exhibiting the switching effect of
ferroelectric photovoltaic. Figure 7b shows that the x = 0.050 sample has extremely high
current repeatability and stability under light switching. In order to explore the sensibility
of photoresponse in the x = 0.050 sample, the short-circuit current (Jsc) under different light
intensities was tested. As shown in Figure 7c, the film has obvious switching effects under
different light intensities and has good stability. Under weak light intensity (20 mW/cm2),
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a photocurrent density of 0.39 µA/cm2 was still obtained. The temporal stability and
repeatability of Jsc are also important indicators for measuring photodetection devices. As
shown in Figure 7d, the stability and repeatability of Jsc within 2000 s under 100 mW/cm2

illumination conditions were tested. It can be seen that during the entire test time range, the
value of the photocurrent density only decreases slightly, indicating that the photodetector
has very stable photoelectric output characteristics.
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4. Conclusions

In summary, novel, lead-free (1-x)Bi0.45Na0.45Ba0.1TiO3-xBi(Mg1/3Nb2/3)O3 thin films
were successfully deposited on a Pt/Si substrate by the sol-gel method. The excellent energy
storage density of 73.1 J/cm3 and an efficiency of 86.2% were obtained at x = 0.05, especially
since the ultra-high energy storage efficiency exceeds that of most of the thin film energy
storage capacitors. The results show that the introduction of BMN reduces the domain
size and changes the conduction mode, which improves the relaxation characteristics and
breakdown strength. In addition, BNBT-0.05BMN exhibits excellent thermal stability over
a wide temperature range of 25 ◦C to 200 ◦C. The film is also suitable for photovoltaic
detection. In addition, the film shows excellent potential for photodetection. This study
demonstrates the potential application of BNBT-xBMN films in the field of hybrid electronic
devices and provides ideas for the development of advanced multifunctional materials.
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mdpi.com/article/10.3390/ceramics7030068/s1, Figure S1: SEM images and particle size distribution
statistics of x = 0, x = 0.025, and x = 0.075; Figure S2: AFM image, out-of-plane phase PFM image, and
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(d–f) x = 0.075.
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Abstract: The ceramic Sr(NiNb)0.5O3, incorporating silver doping in the A site, was synthesized
using a sol–gel route and subjected to comprehensive analysis through various experimental tech-
niques. X-ray diffraction data analysis indicates a rhombohedral crystal structure. Scanning electron
microscopy (SEM) examination reveals densely packed grains with minimal surface porosity. A thor-
ough investigation of electrical properties, encompassing dielectric constant, loss tangent, electrical
impedance, modulus, conductivity, etc., was conducted across a wide frequency range (103–106 Hz)
and temperature range (260–340 K). This analysis provided valuable insights into structure–property
relationships and conduction mechanisms. The discussion highlights the significance of interface ef-
fects, space charge polarization, and Maxwell–Wagner dielectric relaxation in achieving the material’s
high dielectric constant at low frequencies and elevated temperatures. Examination of temperature
dependence through Nyquist plots elucidates the contributions of grain behavior to the material’s
resistive and capacitive properties. The dielectric permittivity, dissipation of energy, and electrical
characteristics like impedance, modulus and conductivity are notably influenced by the frequency
of the applied electric field and temperature. Overall, the material exhibits promising potential for
industrial applications such as energy storage, given its intriguing properties.

Keywords: sol–gel; perovskite; ceramic; activation energy; impedance spectroscopy; relaxation

1. Introduction

Electrical equipment plays a pivotal role in the storage of electrical energy. These
materials find applications in various devices, such as capacitors, resonators, and switches,
which are essential components in virtually all electrical devices [1,2]. The critical factors
for designing compact and efficient devices are a high dielectric constant and a minimal
dielectric loss (tan δ) [3]. Achieving these properties is a challenging endeavor, particularly
in ensuring the consistency of performance across a wide range of operational conditions [4].
Among the materials garnering global recognition for their significance in advancing green
technologies are perovskite nanoparticles [5]. Researchers worldwide have embraced
them as a key breakthrough in scientific studies. Furthermore, numerous other perovskite
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materials have been introduced and investigated to enhance their fundamental properties
or even introduce novel ones. Perovskite materials have found applications in diverse
fields, serving as electrolytes or electrode materials in solid oxide fuel cells (SOFCs) [5,6],
which are highly efficient devices for clean energy conversion. They also play a role in
oxygen sensors and exhibit promise as catalysts for various chemical reactions [7]. Their
unique electronic properties render them attractive for catalytic processes in the chemical
industry [8–12]. In recent years, perovskite oxides have garnered significant attention due
to their extraordinary properties and their wide range of potential applications in the field
of materials science and technology [13,14]. One such notable perovskite is Strontium
Niobate (SrNbO3), renowned for its intriguing electrical conductivity characteristics and
distinctive behavior in impedance spectroscopy.

Furthermore, SrNbO3 is a complex oxide characterized by its perovskite structure,
showcasing intriguing electrical properties. The electrical conductivity of this material
is intricately linked to its stoichiometry, crystal structure, and defect concentration. It is
recognized as a mixed ionic and electronic conductor (MIEC) with the capacity to transport
both oxygen ions and electrons. This dual conduction mechanism allows for precise tuning
of its electrical conductivity through various methods, including doping with different
elements, adjusting the oxygen partial pressure, or modifying the crystal structure. Such
versatility positions SrNbO3 as a highly promising candidate for a multitude of applications,
particularly in solid oxide fuel cells (SOFCs), oxygen sensors, and other electrochemical
devices [15–22]. Impedance spectroscopy emerges as a potent technique for delving into
the electrical properties of materials. When applied to SrNbO3, impedance spectroscopy
grants valuable insights into its electrical and ionic conductivity, elucidates charge transfer
processes, and unveils the nature of defects within the material. By scrutinizing impedance
spectra, researchers can deepen their comprehension of how the material behaves under
varying operational conditions. Such knowledge is pivotal for optimizing the performance
of devices based on SrNbO3, such as solid oxide fuel cells, and for customizing the material
to suit specific industrial applications. In this study, (Sr0.75Ag0.25)(NiNb)0.5O3 was meticu-
lously prepared, and a comprehensive analysis of its structure, dielectric properties, and
electrical behavior was undertaken. This investigation serves to enhance our understanding
of the behavior of perovskite nanoparticles and paves the way for future applications in a
multitude of relevant fields.

2. Materials and Methods

The (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite nanoparticles were synthesized using the sol–
gel method, as depicted in Figure 1. Precisely measured quantities of high-purity strontium
nitrate (Sr(NO3)2) (Sigma-Aldrich, 99.9%), silver nitrate (AgNO3) (Merck, 99.8%), nickel
nitrate (Ni(NO3)2) (Alfa Aesar, 99.9%), and niobium nitrate (NbO(NO3)3) (Sigma-Aldrich,
99.99%) were combined in the specified molar ratios to match the molecular formula of
the prepared sample: 0.75 mol of Sr(NO3)2, 0.25 mol of AgNO3, 0.5 mol of Ni(NO3)2, and
0.5 mol of NbO(NO3)3. The raw materials were sourced as follows: strontium nitrate
(Sr(NO3)2) from Sigma-Aldrich, St. Louis, MO, USA; silver nitrate (AgNO3) from Merck,
Darmstadt, Germany; nickel nitrate (Ni(NO3)2) from Alfa Aesar, Haverhill, MA, USA; and
niobium nitrate (NbO(NO3)3) from Sigma-Aldrich, St. Louis, MO, USA. These nitrates were
dissolved in distilled water under thermal stirring at 80 ◦C, with the subsequent addition
of citric acid, serving as a complexation agent for the various metal cations. The pH of the
solution was carefully adjusted to approximately 7 by introducing ammonia. Following
this step, ethylene glycol was introduced as a polymerization agent. After about 5 h, the
formation of a viscous liquid gel became evident. This gel was then subjected to drying in
an oven at 300 ◦C for 4 h. The resulting precursor was subsequently processed through
several cycles of grinding, pelleting, and sintering. Finally, the well-defined structure of
the sample was achieved through heat treatment at 1100 ◦C for duration of 24 h. X-ray
diffraction (XRD) patterns were recorded utilizing the “Panalytical X’Pert Pro System, a
two-circle automatic diffractometer operating at a copper wavelength (λ = 1.5406 Å). A
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Nickel filter was employed to eliminate the Kβ ray. The measurements were conducted
in Bragg–Brentano geometry, with a divergent beam, employing a step size of 0.017◦ and
a counting time of 18 s per step within an angular range spanning from 10 to 70 degrees
(10 ≤ 2θ ≤ 80◦). Structural analysis was performed using the Rietveld method with the
FullProf software [23]. The sample’s morphology was examined in its pellet form using
scanning electron microscopy (SEM) through a Philips XL 30 microscope. This microscope
was equipped with an electron gun operating at an accelerating voltage of 15 kV. For
electrical characterizations, a sample in the shape of a disk, with a diameter of 11.3 mm and
a thickness of approximately 1.58 mm, was utilized. Measurements were conducted using
an N4L-NumetriQ analyzer (model PSM1735) across a range of different temperatures and
frequencies, spanning from 100 Hz to 1 MHz.
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complex, respectively.

3. Results and Discussion
3.1. Phase Structure and Microstructure

The X-ray diffraction (XRD) pattern for (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite is shown
in Figure 2, revealing a distinct crystalline structure characterized primarily by the per-
ovskite phase. For the Rietveld refinement analysis, the crystallographic data were pro-
cessed using the International Centre for Diffraction Data (ICDD) database card number
ICDD 01-073-8912. This card number corresponds to a relevant structure with compo-
sitional elements similar to those in our (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite, ensuring
accurate refinement of the material’s crystal structure parameters. This choice facilitated
precise determination and validation of the perovskite phase observed in the XRD pat-
tern. The refinement process confirmed the structural integrity and composition of our
synthesized material, supporting its characterization for further study in advanced energy
storage applications. The diffraction peaks of this perovskite were successfully identified
and matched with the R3́C trigonal symmetry. The refined cell parameters for this crystal
structure were determined to be a = b = 5.5859 (1) Å, c = 13.4263 (2) Å, with α = 90◦,
β = 90◦, and γ = 120◦. The calculated unit cell volume was found to be V = 351.25 (1) Å3.
The reliability factors obtained from the Rietveld refinement process are as follows: the
profile factor Rp (%) = 5.91, the weighted profile factor Rwp (%) = 5.48, the structure factor
RF (%) = 3.42, and the goodness of fit χ2 (%) = 1.44 [24]. Ag+ ions, when doped into
the Sr(NiMn)0.5O3 lattice, introduce additional charge carriers. This increase in carrier
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concentration is primarily due to the substitution of Sr2+ ions by Ag+ ions, which can create
oxygen vacancies and enhance the mobility of charge carriers. These values align well with
the existing literature, suggesting that the refined crystallographic parameters are accurate.
Additionally, the average grain size of the material was estimated using the XRD peaks and
the Scherer formula [25]. These values align well with the existing literature, suggesting
that the refined crystallographic parameters are accurate. Additionally, the average grain
size of the material was estimated using the XRD peaks and the Scherer formula [26].

DXRD =
K·λ
β·cosθ

(1)

where D is the average grain size, K is a dimensionless shape factor, typically assumed to be
around 0.89, λ is the X-ray wavelength, β is the corrected full-width half-maxima (FWHM)
of the XRD peaks and θ is the Bragg angle. With the given values, including the X-ray
wavelength (λ), the corrected FWHM (β), and the Bragg angle (θ), the estimated average
grain size of 38 nm was determined. This grain size estimation is useful in characterizing
the crystal structure and properties of the material.
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phase in the prepared compound. Notably, this micrograph also indicates that the sam-
ple comprises small particles, with an average size of DMEB (Diameter by Mean Equiva-
lent Breadth) measuring approximately 175 nanometers. This average size is notably 
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In Figure 3a, the scanning electron microscopy (SEM) image reveals a uniform mor-
phology with no discernible chemical contrast among the crystalline grains. This observa-
tion serves to confirm the absence of any secondary phases outside the perovskite phase in
the prepared compound. Notably, this micrograph also indicates that the sample comprises
small particles, with an average size of DMEB (Diameter by Mean Equivalent Breadth)
measuring approximately 175 nanometers. This average size is notably larger than the
value determined from the X-ray diffraction (XRD) pattern. It is important to note that
each particle analyzed through SEM is composed of a multitude of much smaller grains.
As X-rays used in XRD have a considerably higher resolution compared to SEM, the grain
sizes estimated from XRD appear significantly smaller than those obtained from SEM.
Furthermore, in Figure 3b, the energy dispersive X-ray (EDX) spectroscopy of the sample is
presented. The spectrum clearly indicates the presence of all the elements involved in the
preparation process with no discernible impurities. This observation underscores the purity
of the prepared material. Based on the EDX quantification results, the atomic percentages
of the elements in the (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite nanoparticles are as follows:
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strontium (Sr) constitutes 38.0%, silver (Ag) is 25.1%, nickel (Ni) accounts for 18.5%, and
niobium (Nb) makes up 18.4%, with oxygen (O) adjusted for balance. These results confirm
the intended composition and doping levels of the synthesized material.
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3.2. Impact of Frequency on Dielectric Parameters

Using geometric and physical parameters such as area (S), thickness (e), and capaci-
tance (C) of the sample in a straightforward expression ε = Ce/ε0S, one can calculate the
dielectric constant ε or permittivity of the sample. Figure 4 illustrates the effect of frequency
on dielectric parameters, including (a) permittivity (ε) and (b) tangent loss (tan δ), within
the frequency at selected temperatures. Initially, the value of ε smoothly decreases with
the rise in frequency, eventually stabilizing at higher frequencies, indicating saturation.
This trend persists across all temperatures. In the low-frequency region, various types of
polarization typically occur, resulting in higher relative permittivity [27]. A decrease in
dielectric constant with increasing frequency is expected in nearly all insulators due to
relaxation processes within the material. As frequency increases, the total polarization of
the material decreases because the mechanisms contributing to polarization become less
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effective, consequently reducing permittivity. The temperature and frequency dependence
of dielectric loss or dissipation factor exhibit a similar behavior to the dielectric constant.
This behavior aligns with the Maxwell and Wagner two-layer model, which is based on
Koop’s phenomenological theory. According to this model, the dielectric structure of the
material consists of two layers: conducting grains and insulating grain boundaries [28].
At lower frequencies, electrons as charge carriers are more active at grain boundaries,
whereas at higher frequencies, electrons primarily interact with conducting grains [29]. At
low frequencies, electrons require more energy for motion due to the higher resistance
of grain boundaries, resulting in a larger dissipation factor (tan δ) at high temperatures.
Conversely, at high frequencies, electrons require less energy for motion due to lower
resistance, leading to a smaller dissipation factor within the specified temperature range.
The loss factor is significant for device quality as it describes the energy dissipation in
insulators. A low tangent loss is desirable to ensure minimal power loss for an effective
dielectric material [30].
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3.3. Variation of Dielectric Properties with Temperature 
Figure 5a illustrates the impact of temperature and frequency on the insulating 

(permittivity) properties of the material under investigation. It is observed that the die-
lectric parameters of the material remain unaffected by frequency and temperature, in-
dicating the significant role of electronic and/or ionic polarization [31]. The dielectric 
permittivity (dielectric constant) experiences a notable increase with temperature eleva-
tion. This characteristic variation in the dielectric parameters can be attributed to the 
scattering of temperature-dependent charge carriers and/or defects/impurities present in 
the sample [32]. In Figure 5b, the temperature dependence of tan δ at a selected frequen-
cy of the AC electric field is elucidated. The trend in the variation of tan δ with tempera-
ture mirrors that of ε. Tan δ increases with temperature escalation and exhibits a sharp 
rise at higher temperatures. This abrupt increase is heavily influenced by electrical con-
ductivity [33]. 
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3.3. Variation of Dielectric Properties with Temperature

Figure 5a illustrates the impact of temperature and frequency on the insulating (per-
mittivity) properties of the material under investigation. It is observed that the dielectric
parameters of the material remain unaffected by frequency and temperature, indicating
the significant role of electronic and/or ionic polarization [31]. The dielectric permittiv-
ity (dielectric constant) experiences a notable increase with temperature elevation. This
characteristic variation in the dielectric parameters can be attributed to the scattering of
temperature-dependent charge carriers and/or defects/impurities present in the sam-
ple [32]. In Figure 5b, the temperature dependence of tan δ at a selected frequency of the
AC electric field is elucidated. The trend in the variation of tan δ with temperature mirrors
that of ε. Tan δ increases with temperature escalation and exhibits a sharp rise at higher
temperatures. This abrupt increase is heavily influenced by electrical conductivity [33].
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3.4. Impedance Spectroscopy

The electrical characteristics of electro-ceramics and ionic conductors, encompassing
impedance across grain boundaries and electrodes, can undergo assessment utilizing a
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non-invasive complex impedance approach. This method stands as a reliable means of
characterizing these materials, providing insights into both the tangible (resistive) and
abstract (reactive) elements of complex impedance. Spectroscopy enables the determina-
tion of impedance and elastic modulus, along with the extraction of various associated
parameters. By subjecting the sample to an alternating current (AC) electric field, a sinu-
soidal disturbance is initiated, facilitating the examination of these characteristics across
different frequencies and temperatures [34–37]. Typically, the frequency-dependent be-
havior of dielectric properties in materials is elucidated through complex capacitive and
impedance parameters, which are articulated as follows: complex dielectric constant,
complex impedance, electric modulus and dielectric loss.

ε* = ε′ − j ε′ (2)

Z* = Z′ − jZ′′ = Rs + j (ωLs − 1/ωCs) (3)

M* = M′ + j M′′ = jωC0 Z* (4)

tan δ = ε′/ε′′ (5)

where Rs is the resistance, Ls is the inductance, Cs is the capacitance, ω is the angular
frequency (ω = 2πf, where f is the frequency), and j is the imaginary unit. The equations
provided offer ample opportunity for creating visual representations to gauge the impacts
of the parameters within the electrode/ceramic/electrode system. Figure 6a,b illustrate
how Z’ and Z′′ vary with frequency and temperature. The influence of the applied AC
electric field frequency on the sample is typically associated with various complex physical
properties, including dielectric constant, impedance, electric modulus, and dielectric loss.
Apart from the equations mentioned earlier, additional equations can also be employed to
determine the real and imaginary components of impedance [38].

Z′ =
R

1 + (ωτ)2 (6)

Z′′ =
ωRτ

1 + (ωτ)2 (7)

The resistance measured as R corresponds with the angular frequency of the electric
field denoted byω, and the relaxation time, symbolized by τ, equals RC, where C signifies
capacitance. The relaxation time for a bulk sample can be estimated using the formula
τ = RgCg. As depicted in Figure 6a, the decrease in the value of Z′ with increasing tem-
perature at low frequencies indicates the semiconductor characteristics of the material.
Consequently, the negative temperature coefficient of resistance (NTCR) or semiconductor
behavior of the material is observed at higher temperatures [39]. Therefore, the relaxation
properties of the sample are established [32]. The Z′ value smoothly rises with increasing
temperature and frequency, suggesting an increase in AC conductivity at low frequency
(100 kHz) with temperature. In the figure, it is observed that at higher frequencies, the
Z′ value merges into a line at higher temperatures, indicating the existence of a mecha-
nism strongly related to temperature and the release of space charge [40]. As observed in
Figure 6b, there is no peak, indicating less or no dissipation of current in the sample at
low temperatures. The presence of a peak at higher temperatures suggests the existence
of dielectric relaxation in the material. The frequency at which the imaginary value Z′′

reaches its highest limit (Zmax
′′) shifts to the higher frequency region with increasing tem-

perature. The broadening of peaks and the decrease in the highest limit of the imaginary
impedance component (with respect to temperature) indicate that the dielectric relaxation
mechanism is temperature dependent. Therefore, these dielectric processes related to
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relaxation occur due to lattice deformation and vacancies present in the material at higher
temperatures [41,42].
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3.5. Nyquist Diagram

Figure 7 displays the Nyquist diagram, showcasing complex impedance plots (Z′

vs. Z′′), within the frequency range of 1 kHz to MHz, depicting temperature-dependent
semicircular arcs. By comparing experimental data (real and imaginary components of Z)
with the components of a circuit comprising resistors and capacitors, fitting parameters are
obtained. In this circuit, the capacitor represents polarization with energy storage, while
the resistor signifies a conductive path. The decrease in impedance with rising temperature
indicates dependence on the sample’s conductivity. According to Debye theory, a perfect
semicircle with its center precisely on the x-axis (real impedance component) signifies
Debye-type dielectric relaxation, resulting in a single semicircle [43]. Conversely, when
the semicircle’s center is below the axis (typically observed at high temperatures), the
relaxation process is non-Debye type, resulting in two circles or semicircles. The center of
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the first semicircle falling on the Z′ axis indicates grain resistance or effect, while the second
one is caused by grain boundary resistance. However, in this study, only a single semicircle
(with its center below the x-axis) is observed even at higher frequencies and temperatures,
attributed to the conduction of the material due to grain effect [44]. The Debye-type
dielectric relaxation primarily accounts for the formation of such single semicircles, whose
magnitude can be estimated using an electric circuit with a parallel combination of a
capacitor Cg and resistance Rg. The relaxation time (τ) related to the circle can be estimated
using the formula τ = RgCg. As depicted in the figure, grain boundaries do not contribute
to impedance or electrical parameters, particularly at the stated frequency and temperature
ranges, indicating that only grains are responsible for transport properties or electrical
conduction in the material. The value of grain or bulk resistance can be determined
using the semicircle’s diameter. The close agreement between experimental and model
parameters obtained from the circuit using the software Zveiw underscores the accuracy
and validity of the experimental data and the proposed theoretical model. The values of
the parameters Rg and Cg are summarized in Table 1.
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Table 1. Electrical parameters of equivalent circuit deduced from Nyquist plots at different tempera-
tures for (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite.

T (K) 260 280 300 320 340

Rg (KΩ) 36.25 28.57 22.78 18.75 13.54

Cg (10−9F) 11.25 8.27 4.64 7.81 3.27

3.6. Modulus Analysis

To determine the resistive and capacitive characteristics of dielectrics under AC electri-
cal fields, electric modulus spectroscopy is employed. Analyzing the frequency dependence
of electrical modulus aids in understanding relaxation processes in materials. Through this
technique, various electrical properties and processes of materials can be studied, including
polarization, the role of grain boundaries in conduction, AC/DC electrical conductivity,
dielectric relaxation, and more. Additionally, the influence of temperature and frequency
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on these parameters can be investigated using this technique. The equation for the modulus
technique’s general relation has been derived and presented as follows [45].

M′ = A [
(ωRC)2

1 + (ωRC)2 ] = A [
τ2ω

2

1 + τ2ω
2 ] (8)

M′′ = A [
(ωRC)

1 + (ωRC)2 ] = A [
ωτ

1 + τ2ω
2 ] (9)

In the equation, A represents the ratio of capacitance (C) in vacuum to dielectric
(Co/C), R stands for resistance, and ω denotes the angular frequency of the applied
AC field. By leveraging the effects of grains and grain boundary in electric modulus
technique, we can effectively investigate the heterogeneous nature of polycrystalline sample.
This insight is not achievable through complex impedance graphs. Furthermore, this
technique is instrumental in estimating the electrode contribution to the total resistance.
It is noteworthy that impedance techniques are unable to discern electrode contributions
in the resistive/capacitive characteristics of the material. Figure 8a,b illustrate the effects
of electric field frequency and temperatures on modulus components, namely M′ and
M′′. A continuous decrease in the value of M′ is observed in the low-frequency region,
followed by a gradual increase in its value with increasing frequency, eventually reaching a
saturated asymptotic value at higher frequencies across all temperatures. To elucidate the
transport properties and conduction mechanism in the material, the short-range mobility
of charge carriers is taken into account. This implies that under the influence of a DC
electric field, there is a lack of restoring force that affects the flow of charge carriers [46]. As
depicted in Figure 8b, initially, the value of M′′ increases with frequency up to its maximum
(peak) value (M′′max), then decreases. Additionally, it is observed that with increasing
temperature, the position of M′′ max shifts to the higher frequency side. The shift of the
peak position to the higher frequency side at higher temperatures indicates that thermal
energy activates charge carriers. Moreover, as the broadening of the asymmetric peak
increases with rising temperature, the relaxation time of charge carriers decreases. This
phenomenon is observed only in the case of a non-Debye type of relaxation mechanism.
The dielectric relaxation can be modeled using the Arrhenius relation, and the activation
energy (Ea) estimated from Ln (Fmax) vs. (1000/T) plot is determined as 0.266 eV (Figure 9).
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3.7. Electrical Conductivity Study

In many instances, the electrical conductivity (σ) in manganite systems such as
(Ln3+

1−x M2+
x)(Mn3+

1−xMn4+
x)O−2

3, where Ln represents elements like La or Sr, is pri-
marily ascribed to the process of electron hopping that takes place between adjacent Mn3+

and Mn4+ ions. This electron hopping is facilitated by the presence of the oxygen anion
O2− [40], and it serves as a fundamental mechanism influencing the electrical properties
of these materials. To investigate the hopping conduction mechanism in the synthesized
(Sr3+

0.75Ag+2
0.25)0.5(Ni+3Nb+4)0.5O3 sample, the changes in its conductivity are depicted in
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Figure 10 with respect to both frequency and temperature. The values of σ (conductivity)
were determined using the following relationship [47]:

σ = G
t
A

(10)

where G represents the electrical conductance, t is the thickness of the pellet, and A is the
cross-sectional area of the pellet. Notably, conductivity values remain relatively stable in
the low-frequency range, up to a frequency value (f ≤ 105 Hz), identified as the hopping
frequency. This constancy is attributed to limited electron hopping between Mn3+–Mn4+

ions, primarily influenced by the heightened activity of weakly conductive grain boundaries
within this frequency spectrum. The low-frequency conductivity corresponds to the dc
conductivity (σdc). Subsequently, a notable exponential increase in conductivity occurs
beyond frequency. This phenomenon is attributed to enhanced activity of conductive
grains in this frequency range, intensifying electron hopping between Mn3+–Mn4+ ions and
thereby facilitating the conduction process in the sample. This high-frequency conductivity
aligns with the ac conductivity (σAC). To modelize σ-values, the Jonscher power law [48,49]
was employed as the mathematical relation.

σAc(ω) = σdc + Aωs (11)

where σdc represents the dc conductivity, and A and s denote the pre-exponential and
exponent factors, respectively.

Ceramics 2024, 7, FOR PEER REVIEW  14 
 

 
Figure 10. Variation of AC conductivity of (Sr0.75Ag0.25)(NiNb)0.5O3 ceramic with frequency at dif-
ferent temperatures. 

Furthermore, our analysis leads to the conclusion that the sample demonstrates 
semiconductor behavior without undergoing a transition into a metal-semiconductor 
phase. Notably, all s-values are below unity, indicating, according to the Funke criterion 
[50], that electron hopping between Mn3+–Mn4+ ions occurs between neighboring sites. In 
the high-temperature range, the dc conductivity behavior aligns well with the Arrhenius 
relation [51], expressed by the following mathematical formula: 𝜎ௗ௖ = 𝜎଴ exp (ି୉౗୏ా୘)  (10)

where Ea represents the activation energy, 𝜎଴  is the pre-exponential term, and 𝐾஻  is 
Boltzmann’s constant. The activation energy (Ea) for the sample is calculated using 
Equation (12), and the graph of Ln (σdc) vs. (1000/T) is depicted in Figure 11. The ex-
pected Ea value, derived from the slope of the plot, is determined to be 0.268 eV. The ac-
tivation energy derived from electrical conductivity closely aligns with the activation en-
ergy obtained from complex spectroscopic impedance. This close correspondence af-
firms that the conduction processes and relaxation phenomena within the prepared ma-
terials involve the same type of charge carrier. The electrical properties of 
Sr0.75Ag0.25Ni0.5Mn0.5O3, a material doped with silver, were investigated using impedance 
spectroscopy across various temperatures and frequencies. The study revealed that sil-
ver doping significantly enhances the material’s electrical conductivity compared to its 
undoped counterpart, Sr(NiMn)0.5O3. Specifically, the electrical conductivity of 
Sr0.75Ag0.25Ni0.5Mn0.5O3 was found to range from 0.9 × 10⁻2 S/m to 1.25 × 10⁻2 S/m, indicat-
ing a notable increase attributed to the doping process. Moreover, the activation energy 
required for electrical conduction was observed to decrease upon silver doping. The un-
doped Sr(NiMn)0.5O3 exhibited an activation energy of 0.287 eV, whereas the doped Sr0.75 

Ag0.25Ni0.5Mn0.5O3 showed a reduced activation energy of 0.268 eV. This reduction in acti-
vation energy signifies that the introduction of silver lowers the energy barrier for 
charge carrier movement within the material. Consequently, the doped material demon-
strates improved electrical conductivity due to enhanced mobility of charge carriers at a 
given temperature. 

Figure 10. Variation of AC conductivity of (Sr0.75Ag0.25)(NiNb)0.5O3 ceramic with frequency at
different temperatures.

Furthermore, our analysis leads to the conclusion that the sample demonstrates semi-
conductor behavior without undergoing a transition into a metal-semiconductor phase.
Notably, all s-values are below unity, indicating, according to the Funke criterion [50],
that electron hopping between Mn3+–Mn4+ ions occurs between neighboring sites. In
the high-temperature range, the dc conductivity behavior aligns well with the Arrhenius
relation [51], expressed by the following mathematical formula:

σdc= σ0 exp (
−Ea

KBT
) (12)

where Ea represents the activation energy, σ0 is the pre-exponential term, and KB is Boltz-
mann’s constant. The activation energy (Ea) for the sample is calculated using Equation (12),
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and the graph of Ln (σdc) vs. (1000/T) is depicted in Figure 11. The expected Ea value,
derived from the slope of the plot, is determined to be 0.268 eV. The activation energy
derived from electrical conductivity closely aligns with the activation energy obtained
from complex spectroscopic impedance. This close correspondence affirms that the con-
duction processes and relaxation phenomena within the prepared materials involve the
same type of charge carrier. The electrical properties of Sr0.75Ag0.25Ni0.5Mn0.5O3, a material
doped with silver, were investigated using impedance spectroscopy across various tem-
peratures and frequencies. The study revealed that silver doping significantly enhances
the material’s electrical conductivity compared to its undoped counterpart, Sr(NiMn)0.5O3.
Specifically, the electrical conductivity of Sr0.75Ag0.25Ni0.5Mn0.5O3 was found to range from
0.9 × 10−2 S/m to 1.25 × 10−2 S/m, indicating a notable increase attributed to the doping
process. Moreover, the activation energy required for electrical conduction was observed to
decrease upon silver doping. The undoped Sr(NiMn)0.5O3 exhibited an activation energy of
0.287 eV, whereas the doped Sr0.75Ag0.25Ni0.5Mn0.5O3 showed a reduced activation energy
of 0.268 eV. This reduction in activation energy signifies that the introduction of silver low-
ers the energy barrier for charge carrier movement within the material. Consequently, the
doped material demonstrates improved electrical conductivity due to enhanced mobility
of charge carriers at a given temperature.

Ceramics 2024, 7, FOR PEER REVIEW  15 
 

 
Figure 11. Variation of Ln(σdc) as a function of (1000/T) for (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite. 

4. Conclusions 
The polycrystalline (Sr0.75Ag0.25)(NiNb)0.5O3 ceramic has been synthesized using the 

sol–gel technique. Initial structural analysis based on X-ray diffraction data indicates a 
single phase of the trigonal system. The dielectric parameters like permittivity and dis-
sipation factor are influenced by the frequency of the applied AC electric field and tem-
perature. These electrical parameters are obtained through dielectric and impedance 
measurements. The high dielectric constant of the material is attributed to the Maxwell–
Wagner model and space charge polarization. Despite the dissipation factor being tem-
perature-dependent, the compound exhibits low energy loss even at higher tempera-
tures, which further decreases with increasing frequency. Due to its low energy dissipa-
tion factor, the material possesses a high-quality factor, making it suitable for use as a 
component in microwave devices. Complex-impedance plots offer valid explanations 
and applications of the conduction phenomenon in the material. The frequency depend-
ence of the AC conductivity conforms to Jonscher’s universal power law. 

Author Contributions: Conceptualization, F.T. and M.B.; methodology, K.I.N.; software, M.E.; val-
idation, M.L. and F.T.; formal analysis, K.I.N.; investigation, P.T.; resources, S.S.T.; data curation, 
S.S.T.; writing—original draft preparation, M.P.F.G.; writing—review and editing, F.T.; visualiza-
tion, M.E.; supervision, M.P.F.G.; project administration, D.K.; funding acquisition, D.K. All au-
thors have read and agreed to the published version of the manuscript. 

Funding: The authors extend their appreciation to the Deanship of Research and Graduate Studies 
at King Khalid University for funding this work through Large Research Project under grant 
number RGP2/201/45. The authors are grateful to i3N (LA/P/0037/2020, UID-B/50025/2020, and 
UID-P/50025/2020) financed by COMPETE 2020 Program and national funds through the 
FCT/MEC and FEDER under the PT2020 Partnership Agreement. This work is funded by national 
funds (OE) through FCT—Fundação para a Ciência e a Tecnologia, I.P., in the scope of the frame-
work contract foreseen in the numbers 4, 5, and 6 of article 23 of the Decree-Law 57/2016, of Au-
gust 29, changed by Law 57/2017, of July 19. 

Data Availability Statement: The data presented in this study are available from the correspond-
ing author upon reasonable re-quest. 

Acknowledgments: The authors extend their appreciation to the Deanship of Research and Grad-
uate Studies at King Khalid University for funding this work through Large Research Project un-
der grant number RGP2/201/45. 

Figure 11. Variation of Ln(σdc) as a function of (1000/T) for (Sr0.75Ag0.25)(NiNb)0.5O3 perovskite.

4. Conclusions

The polycrystalline (Sr0.75Ag0.25)(NiNb)0.5O3 ceramic has been synthesized using the
sol–gel technique. Initial structural analysis based on X-ray diffraction data indicates a sin-
gle phase of the trigonal system. The dielectric parameters like permittivity and dissipation
factor are influenced by the frequency of the applied AC electric field and temperature.
These electrical parameters are obtained through dielectric and impedance measurements.
The high dielectric constant of the material is attributed to the Maxwell–Wagner model and
space charge polarization. Despite the dissipation factor being temperature-dependent, the
compound exhibits low energy loss even at higher temperatures, which further decreases
with increasing frequency. Due to its low energy dissipation factor, the material possesses
a high-quality factor, making it suitable for use as a component in microwave devices.
Complex-impedance plots offer valid explanations and applications of the conduction
phenomenon in the material. The frequency dependence of the AC conductivity conforms
to Jonscher’s universal power law.
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22. Bigi, C.; Orgiani, P.; Sławińska, J.; Fujii, J.; Irvine, J.T.; Picozzi, S.; Panaccione, G.; Vobornik, I.; Rossi, G.; Payne, D.; et al. Direct
insight into the band structure of SrNbO3. Phys. Rev. Mater. 2020, 4, 025006. [CrossRef]

23. Rietveld, H.M. A profile refinement method for nuclear and magnetic structures. J. Appl. Crystallogr. 1969, 2, 65. [CrossRef]
24. Voorhoeve, R.J.H. Advanced Materials in Catalysis; Academic Press: Cambridge, MA, USA, 1977; p. 129.
25. Khadhraoui, S.; Triki, A.; Hcini, S.; Zemni, S.; Oumezzine, M. Variable-range-hopping conduction and dielectric relaxation in

Pr0.6Sr0.4Mn0.6Ti0.4O3±δ perovskite. J. Magn. Magn. Mater. 2014, 371, 69. [CrossRef]
26. Hsini, M.; Hamdaoui, N.; Hcini, S.; Bouazizi, M.L.; Zemni, S.; Beji, L. Effect of iron doping at Mn-site on complex impedance

spectroscopy properties of Nd0.67Ba0.33MnO3 perovskite. Phase Transit. 2018, 91, 316. [CrossRef]
27. Benamara, M.; Nassar, K.I.; Soltani, S.; Kallekh, A.; Dhahri, R.; Dahman, H.; El Mir, L. Light-enhanced electrical behavior of

a Au/Al-doped ZnO/p-Si/Al heterostructure: Insights from impedance and current–voltage analysis. RSC Adv. 2023, 13,
28632–28641. [CrossRef] [PubMed]
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Abstract: Over the past decades, Na0.5Bi0.5TiO3 (NBT)-based ceramics have received increasing
attention in energy storage applications due to their high power density and relatively large maximum
polarization. However, their high remnant polarization (Pr) and low breakdown field strength are
detrimental for their practical applications. In this paper, a new solid solution (1−x)Na0.5Bi0.5TiO3–
xCaHfO3 (x = 0.04, 0.08, 0.12, 0.16) was constructed by introducing CaHfO3 into NBT, and thus was
prepared using a conventional solid-state reaction. With the addition of CaHfO3, the disorder of the
structure increased, A-site vacancies formed, and thus oxygen vacancies were suppressed due to
the replacement of the Na+ by Ca2+, resulting in the enhanced relaxation behavior and the reduced
Pr, the refined grain, and improved breakdown strength. Furthermore, an optimal recoverable
energy storage density (Wrec) of 1.2 J/cm3 was achieved in 0.92Na0.5Bi0.5TiO3–0.08CaHfO3 ceramics
under the breakdown strength of 140 kV/cm, which is mainly attributed to the resultant defect of
Na+ vacancy.

Keywords: NBT; lead-free ceramics; defect engineering; energy storage density

1. Introduction

Due to their high power density and quick charge/discharge rate, dielectric capacitors
have drawn more attention in recent decades in the field of energy and electricity, and
electronic circuit systems [1,2]. Among them, ceramic-based dielectric materials have high
breakdown field strength (Eb), low dielectric loss (tan(δ)), excellent fatigue resistance, and
superior thermal stability, making them suitable in a variety of industries, including in oil
exploration, aerospace, and military applications [3–5]. Usually, dielectric ceramic materials
with large maximum polarization (Pmax), small remnant polarization (Pr) and high Eb are
perfect for creating energy storage capacitors, and energy storage performance can be
evacuated by using the polarization-electric field (P-E) loop according to the subsequent
Equations (1)–(3).

Wtot =
∫ Pmax

0
EdP (1)

Wrec =
∫ Pmax

Pr
EdP (2)

η =
Wrec

Wtot
× 100% =

Wrec

Wrec + Wloss
× 100% (3)

where E, Wtot, Wrec, Wloss, and η denote the applied electric field, total energy storage
density, recoverable energy storage density, energy loss density, and energy storage effi-
ciency, respectively.

Although Pb-based ceramics exhibit excellent energy storage performance due to their
larger Pmax and higher Eb, the resultant heavy metal Pb due to the volatilization during
high-temperature preparation process and the subsequent scrap of products all pose risks to
the ecological environment and people’s health [6,7]. Therefore, designing and researching
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lead-free materials are considered a feasible solution to solve this problem. In numerous lead-
free dielectric ceramics, Na0.5Bi0.5TiO3 (NBT) based ceramics have attracted much attention
on account of high Curie temperature (Tc) (~320 ◦C) and large saturation polarization strength
(Ps, 45 µC/cm2) [8]. However, the energy storage properties of NBT ceramics were dissatisfied
because of the high Pr (~38 µC/cm2). In addition, the elements Bi and Na are easily volatile
during the process of high-temperature sintering, which may lead to the generation of cationic
vacancies and oxygen vacancies, and thus the Eb reduced [9,10]. As a consequence, many
researchers have focused on the settlement of these issues [11–21]. Thereinto, Yan et al. [12]
prepared 0.75Bi(0.5+x)Na(0.5−x)TiO3–0.25SrTiO3 ceramics by defect engineering and suppressed
the formation of oxygen vacancies by adjusting the non-stoichiometric ratio of the A-site,
as well as refined the grains size to increase Eb significantly. Eventually, the outstanding
Wrec (~5.63 J/cm3) and the relatively high η (~94%) were achieved under 569 kV/cm as
x = 0.08. The 0.9(Na0.4Bi0.4Ba0.06Sr0.14Ti(1−x)TaxO3)–0.1NaNbO3 ceramics designed and pre-
pared by Jiang et al. [13] effectively suppressed oxygen vacancies and increased the Eb
through defect engineering and finally realized a relative high Wrec (~3.12 J/cm3) and excel-
lent η (~87.68%). By replacing Bi3+ and Na+ at A-site with La3+ to increase the concentration
of cation vacancies and decrease oxygen vacancies, the 0.85NBT–0.15CaTiO3–0.75La ceram-
ics showed the improved energy storage performance with Wrec of ~2.15 J/cm3 and η of
~81% [16]. Apparently, the defect engineering modulation is an effective way to improve the
energy storage performance of NBT-based ceramics.

In this study, by incorporating CaHfO3 into NBT ceramics from a defect engineering
perspective, a binary solid solution Na0.5Bi0.5TiO3–CaHfO3 was designed. On the one hand,
the introduction of Ca2+ at A-site may induce the cation vacancies and thus significantly
suppress oxygen vacancies, along with Hf4+ replacing Ti4+ in the B-site with a relatively
strong bond strength of Hf–O, ultimately all improving the Eb. On the other hand, due
to the incorporation of non-equivalent cations as Na+, Ca2+, and Bi3+, the creation of a
local random field may break the long-range order ferroelectric domain and facilitate the
formation of polar nanoregions (PNRs), which contributed to the decrease of Pr [22–24].
On the basis of the above analysis, (1−x)Na0.5Bi0.5TiO3–xCaHfO3 (NBT–xCaHfO3, x = 0.04,
0.08, 0.12, 0.16) solid solution was prepared using the conventional solid state method, and
the phase structure, microstructure, dielectric properties and energy storage characteristics
were investigated in detail. The ceramics designed and fabricated using this strategy are
expected to be used in the field of pulsed power capacitors.

2. Experimental Procedures

(1−x)Na0.5Bi0.5TiO3–xCaHfO3 (NBT−xCaHfO3, x = 0.04, 0.08, 0.12, 0.16) ceramics
were prepared using a conventional solid phase method [25,26]. The starting materials
including Na2CO3 (analytical reagent (AR), ≥ 99.8%), Bi2O3 (AR, ≥ 99.9%), TiO2 (chem-
ically pure, ≥ 98.0%), CaCO3 (AR, ≥ 99.0%), and HfO2 (AR, ≥ 98.0%), which were all
from Sinopharm Chemical Reagent Co., Ltd., Shanghai, China, were weighed according to
the stoichiometric ratio of their components. The weighed powders were ball milled for
8 h by using the alcohol as medium. After that, the mixture was dried in an oven before
calcination in a muffle furnace at 850 ◦C for 2 h. Following that, the powder was ball milled
for another 6 h, and then was dried and sieved. The sieved powder was granulated with
6% polyvinyl alcohol (PVA) and then pressed into disks with a diameter of 13 mm under a
pressure of 300 MPa. Finally, the disks were heated to 550 ◦C at the speed of 3 ◦C/min for
3 h to remove the PVA, and then sintered at 1100–1140 ◦C for 2 h at the rate of 5 ◦C/min to
obtain the final ceramic samples.

X-ray diffraction (XRD, D8 Advanced, Bruker AXS Ltd., Karlsruhe, Germany) was
used to analyze the crystal structure of the ceramic samples with diffraction angle 2θ in the
range of 20–80◦, and the accurate crystal structure of the ceramic materials were obtained
using Rietveld full diffraction patterns fitting. The microstructures of the ceramic samples
were observed using field emission scanning electron microscopy (SEM, S-4800, Hitachi,
Japan). As for electrical testing, the ceramic samples were polished into a thickness of
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~1 mm, covered with silver paste on the top and bottom surfaces, and then were fired at
850 ◦C for 10 min to form the electrodes. The LCR impedance meter (E4294A, Agilent,
Santa Clara, USA) was used to measure the dielectric properties in the temperature range
of 25–400 ◦C with a frequency in the range of 1 kHz to 1 MHz. In addition, the P-E curves
of ceramic samples under different electric field strength were tested using a ferroelectric
analyzer (TF2000, AixACCT, Aachen, Germany).

3. Results and Discussions

The XRD patterns of the NBT–xCaHfO3 (x = 0.04, 0.08, 0.12, 0.16) ceramics sintered at
the optimum temperature are shown in Figure 1a. As can be seen from this Figure, the X-ray
diffraction patterns of all ceramic component exhibited a single perovskite structure, and no
second phases were detected, which indicated that CaHfO3 was completely diffused into
the NBT lattice and formed a perfect solid solution. Figure 1b,c present the magnified plots
of the diffraction peaks near 40.2◦ and 46.8◦ to further investigate the structural evolution of
the ceramics. It can be seen that a significant splitting presented in both peaks near 40.2◦ and
46.8◦, confirming that all ceramics were in the coexistence of the rhombohedral phase (R3c)
and the tetragonal phase (P4bm) at room temperature [27]. The two split diffraction peaks
weakened and merged gradually when CaHfO3 content increased, which demonstrated
that the coexistence of R3c and P4bm phases had evolved into a pseudo-cubic phase [28,29].
In addition, as CaHfO3 doping content increased, the diffraction peaks were first shifted
to higher angles (in particular, x = 0.12 is the most prominent), confirming the decreased
cell volumes owing to the smaller radius Ca2+ (1.34 Å) replacing the larger radius Na+

(1.39 Å). However, due to the limited solid solubility of the A-site, when CaHfO3 doping
content exceeds the threshold, the Ti4+ (0.605 Å) with a smaller radius at the B-site could be
replaced by Ca2+ (1.34 Å) [30], and at the same time, more Hf4+ (0.71 Å) with a larger radius
enters the B-site to replace Ti4+, resulting in lattice volume expansion and diffraction peaks
shifting towards small angles. In addition, the bulk density of NBT–xCaHfO3 (x = 0.04,
0.08, 0.12, 0.16) ceramics sintered at different temperatures was plotted in Figure 1d. The
bulk density of NBT–xCaHfO3 increased initially with increasing sintering temperatures
and then decreased after reaching the maximum value. It should be noted that the sintering
temperature of the maximum bulk density was 1120 ◦C for all the different compositions.
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In order to further analyze the effect of CaHfO3 doping on the phase structure and
lattice parameters of the NBT–xCaHfO3 ceramics, Figure 2 presents the Rietveld refinement
of the full-scan XRD diffraction patterns based on the R3c and P4bm phase, and the
corresponding phase proportion, lattice parameters, and reliability factors are shown in
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Table 1. The reliability factors of weighted patterns (Rwp) and the goodness-of-fit indicator
(χ2) of all component ceramics are within the confidence interval, confirming that the
results of XRD refinement are relatively reliable. Clearly, the fraction of the P4bm phase
first increased and then decreased with the increase in CaHfO3 content, as x = 0.08 reached
the maximum. Usually, P4bm as the weakly polar phase could be converted into a polar
ferroelectric state under an electric field and return to the original weakly polar state when
the electric field was removed, hence the enhancement proportion of the P4bm phase could
contribute to the reduction in Pr and thus promote the energy storage properties [31,32].
It can be assumed that the NBT–0.08CaHfO3 ceramics may have optimal energy storage
performance accompanied with relatively low Pr.
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Table 1. The refinement results from full-diffraction pattern fitting of NBT–xCaHfO3 ceramics.

x
Phase

Structure
Relative

Content (%)
Lattice Parameters Reliability Factor

a(Å) b(Å) c(Å) Rwp (%) χ2

0.04
R3c 37.30% 5.497 5.497 13.478

8.4% 1.76P4bm 62.70% 5.500 5.500 3.887

0.08
R3c 7.47% 5.497 5.497 13.494

8.7% 1.83P4bm 92.53% 5.503 5.503 3.889

0.12
R3c 28.26% 5.495 5.495 13.502

8.8% 2.26P4bm 71.74% 5.500 5.500 3.892

0.16
R3c 22.85% 5.494 5.494 13.520

9.4% 2.28P4bm 77.15% 5.507 5.507 3.895
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Figure 3 shows the natural surface micrographs of NBT–xCaHfO3 ceramics. All
samples present clear grain morphology and a relatively dense microstructure. In order
to further investigate the effect of CaHfO3 doping on the microscopic morphology of
NBT ceramics, the average grain (AG) sizes of each component ceramics were analyzed,
as shown in Figure 4. The average grain size of the ceramics decreased from 3.14 µm
for x = 0.04 to 1.35 µm for x = 0.12, verifying that the addition of CaHfO3 could refine
grain size to a certain extent. Since Ca2+ tended to displace Na+ at A-site due to the
similar ionic radii (RCa

2+ = 1.34 Å, RNa
+ = 1.39 Å), and thus produced cation defects with

positive charges, denoted as Ca•Na [32,33], and Na+ vacancies (expressed as V′Na) for charge
compensation and for maintaining electrical neutrality. Consequently, the oxygen vacancy
(V••O ), created by loss of oxygen from the crystal lattice at low oxygen partial pressure during
sintering at high temperatures had to be inhabited [13,34,35], which further suppressed
the conductivity and refined the grain size as well as beneficial to the enhancement of the
Eb [36,37]. Furthermore, with the CaHfO3 increasing, more V′Na favor the mass transfer
in ceramics during sintering [13,38], and as a consequence, the grain size increased up to
1.40 µm when x = 0.16. The equation for the defect is as follows (Equations (4) and (5)), in
which the Kröger–Vink notation was employed.

CaO
Na2O→ Ca•Na + V′Na + OO (4)

OO → V••O + e′ (5)
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Figure 5 shows the variation curves of dielectric constant (εr) and dielectric loss (tan(δ))
under different frequency for NBT–xCaHfO3 ceramics. The εr of all ceramics presents a
decreasing trend to a different extent with the frequency increased, which may be due to
the inability of defect dipoles to respond at high frequencies [39,40]. Besides that, when
the CaHfO3 content increased, εr at the frequency of 10 kHz decreased from 811 for the
composition of x = 0.04 to 606 (x = 0.08) and then increased sharply to 1066 (x = 0.12),
accomplished by the minimum dielectric loss (tan(δ) less than 0.022) emerging in the
composition of x = 0.08 in a wide range of frequencies from 1k Hz to 1 MHz, implying
that the appropriate amount of CaHfO3 can reduce the concentration of oxygen vacancies
and decrease the dielectric loss, which is conducive to the enhancement of the breakdown
field strength. Figure 6 illustrates the temperature-dependent dielectric properties of NBT–
xCaHfO3 (x = 0.04, 0. 08, 0.12, and 0.16) ceramics at various frequencies. The dielectric
anomaly peak (Tm) clearly observed refers to the ferro-paraelectric phase transition [41,42].
It is noteworthy that with the increase of CaHfO3 content, the dielectric peak became flatter
and broader, accompanied by the Tm shifting to the lower temperature, which may be
caused by the diminished coupling effect of [TiO6] octahedron and weakened structure
stability, since A-site vacancies (V′Na) formed as excessively Ca2+ doped [43,44]. In the
meantime, as the frequency increased from 1 kHz to 1 MHz, εr decreased steadily and Tm
shifted to the higher temperature, manifesting a relaxed behavior to a certain extent [45].
To further analyze the effect of CaHfO3 content on the degree of relaxation, the diffuseness
parameter γ between 1 (normal ferroelectric) and 2 (ideal relaxer) was calculated using the
modified Curie–Weiss equation (Equation (6)) [46–48]:

1
εr
− 1
εm

=
(T− Tm)γ

C
(6)

where C represents the Curie–Weiss constant and εm is the dielectric constant corresponding
to Tm. The γ obtained by fitting the curves between ln(T−Tm) and ln((1/εr)−(1/εm))
at 1 kHz, as shown in Figure 7, increased from 1.44 (x = 0.04) to 1.63 (x = 0.08) and
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then decreased to 1.57 (x = 0.12) and 1.54 (x = 0.16), hinting that the optimal relaxation
characteristics can be obtained in the composition of x = 0.08. The optimizing relaxation
performance may be related to the increased ionic disorder in the microstructure, where
the non-equivalent substitution of Ca2+ for Na+ and Bi3+ broke the long-range ferroelectric
domains and facilitated the formation of polar nanoregions [49–51].
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Figure 8 displays the P-E hysteresis loops of NBT–xCaHfO3 ceramics under the elec-
tric fields of 120 kV/cm. Evidently, as CaHfO3 content increases, the P-E loops become
slimmer, especially for the NBT–0.08CaHfO3 ceramics, which is in agreement with the
result of diffuseness parameter γ. The slender P-E loops can be mainly ascribed to the
broken long-range ferroelectric domain as the non-equivalent substitution of Na+ and Bi3+

by Ca2+. Thus, the formed polar microregions suppressed the early polarization saturation
of the ceramics and reduced the Pr, which facilitated the achievement of excellent energy
storage performance [24,52]. In addition, Figure 9 displays the P-E hysteresis loops of
NBT–xCaHfO3 ceramics under various electric fields. Apparently, P-E loops of all composi-
tion turn more slender with increasing applied electric filed, among which Pmax and ∆P
(∆P = Pmax−Pr) of the composition with x = 0.08 increases significantly, while Pr increases
slightly. Ultimately, under an electric fields of 140 kV/cm, Pmax and ∆P reach their maxi-
mums, as displayed in the inset of Figure 9b.
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The improvement of Wrec requires not only high Pmax and low Pr, but also high
applied field and, subsequently, the P-E hysteresis loops of NBT–xCaHfO3 ceramics at
20 Hz under critical electric fields are displayed in Figure 10a. Compared to NBT–xCaHfO3
ceramics with x = 0.04, 0.12, and 0.16, the NBT–0.08CaHfO3 ceramics demonstrated the
maximum Eb value of 140 kV/cm because of the dense microstructure and relatively small
grain size (in Figure 3). The variation of Wrec, η and Pmax, Pr, and ∆P for each ceramic
under a critical electric field are shown in Figure 10b,c, and the relevant parameters are
listed in Table 2. Overall, with the increase in the CaHfO3 content, the Pmax decreased from
55.39 µC/cm2 (x = 0.04) to 23.66 µC/cm2 (x = 0.16) together with Pr maintaining in a
relatively low value. Finally, the ∆P attained its maximum for NBT–0.08CaHfO3 ceramics,
achieving the optimizing energy storage performance with Wrec of 1.2 J/cm3 and η of 45%.
Also, the energy storage performance and polarization properties of NBT–0.08CaHfO3
ceramics under various electric fields from 20 kV/cm to 140 kV/cm are demonstrated in the
inset of Figure 9b. Apparently, ∆P enhanced approximately linearly from 2.33 µC/cm2 to
24.12 µC/cm2, with the increase in applied electric field as a result of the significant increase
of Pmax along with a slight increase of Pr. The comparatively large ∆P and Eb facilitated
excellent energy storage properties. Hence, the Wrec of 1.20 J/cm3 was highlighted in
0.92NBT–0.08CaHfO3 ceramics under the maximum electric field of 140 kV/cm, indicating
certain potential in energy storage application.
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Table 2. Pmax, Pr, Wrec, and η of NBT–xCaHfO3 ceramics under the critical electric field.

x Eb (kV/cm) Pmax
(µC/cm2) Pr (µC/cm2) Wrec (J/cm3) η (%)

0.04 130 55.39 33.30 0.95 24%
0.08 140 32.10 7.88 1.20 45%
0.12 130 27.93 7.31 1.03 48%
0.16 120 23.66 3.09 1.07 69%

4. Conclusions

NBT–xCaHfO3 (x = 0.04, 0.08, 0.12, 0.16) ceramics were prepared using a conventional
solid phase method. The introduction of Ca2+ substituting for Na+ and Bi3+ at the A-site
induced the cation vacancies and then suppressed the concentration of oxygen vacancies as
well as refined the grain size, associated with Hf 4+ replacing Ti4+ in the B-site with a relatively
strong bond strength of Hf–O, eventually fulfilling the improvement of the Eb. Besides that,
a local random field created by the incorporation of non-equivalent cations as Na+, Ca2+,
Bi3+, and cation vacancies, as well as bond strength of Hf–O, broke the long-range order
ferroelectric domain and facilitated the formation of PNRs, resulting in an enhancement of
relaxation properties and a decrease in Pr. Combined with enhanced relaxation behavior and
increased Eb, an optimizing Wrec of 1.2 J/cm3 was achieved in NBT–0.08CaHfO3 ceramics
under the Eb of 140 kV/cm. All of these demonstrated that the NBT–0.08CaHfO3 ceramics
have an attractive potential in the field of energy storage ceramics.
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Abstract: In this study, we report the effect of Zr4+ doping on the optical energy gap and microwave
dielectric properties of rutile TiO2. Rietveld analysis explicitly confirmed that Zr4+ occupies the
octahedral site, forming a single-phase tetragonal structure below the solubility limit (x < 0.10).
Notably, at x = 0.025, a significant enhancement in Q × f o was observed. This enhancement was
attributed to the reduction in dielectric loss, associated with a decrease in oxygen vacancies and a
lower concentration of Ti3+ paramagnetic centers. This conclusion was supported by Raman and
electron paramagnetic resonance spectroscopy, respectively. The origin of high τf in rutile Ti1−xZrxO2

is explained on the basis of the octahedral distortion/tetragonality ratio, covalency, and bond strength.

Keywords: Zr-doped TiO2; rutile; microwave dielectric properties

1. Introduction

TiO2 is one of the most studied metal oxides, used in many conventional applications
(white pigment in paintings, paper, plastics, etc.) and advanced applications (microwave
(MW) dielectric resonators, photocatalysts, resistive random-access memory (RRAM),
and high-energy density capacitors) [1–4]. Naturally, TiO2 exists in different polymorphs
i.e., brookite, rutile, and anatase. Among these phases, the thermodynamically stable phase
is the rutile, as brookite and anatase phase can transform irreversibly to the rutile phase in
the temperature range of 700–920 ◦C [5]. In several studies, colossal permittivity was found
for (Mg2+ + Ta5+) co-doped TiO2 [6], (Tb3+/4+ and Sb5+) co-doped TiO2 [7], (Zr and Ta)
co-doped TiO2 [8], (Lu3+/Nb5+) co-doped TiO2 [9], and (Nb and Mn) co-doped TiO2 [10].
Cohn et al. [2] reported MW properties of TiO2 for dielectric resonators, which gained sig-
nificant attention [11]. TiO2 possesses a high relative permittivity (εr) of ~100 and a suitable
quality factor (Q × f o) of ~10,000 GHz, but its poor temperature coefficient of resonant
frequency (τf ) of ~450 ppm/◦C is not suitable for practical applications [12]. Several studies
have proved that the dependency of the MW dielectric properties of rutile on the synthesis
conditions, such as low oxygen partial pressure/high sintering temperature, results in a
coring effect due to the reduction of Ti4+ to Ti3+ [13,14]. Noh et al. [15] sintered TiO2 using
spark plasma sintering and conventional sintering methods. The Er and Q × f o of SPS-TiO2
re-oxidized specimens were found to be 112.6 and 26,000, respectively. These properties
were comparable to those samples sintered at 1300 ◦C using a solid-state route (Er = 101.3,
Q × f o = 41,600). Similarly, Weng et al. [16] sintered TiO2 at 1040 ◦C/2 h and reported
Er > 100, Q × f o > 23,000 GHz, and τf = 200 ppm/◦C. During sintering (in the air or under
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a low partial pressure of oxygen) at high temperatures, the generation of oxygen vacancies
causes a coring effect, which significantly deteriorates the MW dielectric properties of
TiO2 [17]. Oxygen vacancies in dense rutile TiO2 can be reduced by sintering it in an
oxygen atmosphere or using a proper dopant. More recently, a tetravalent Hf4+ was doped
in TiO2 (HfxTi1−xO2), which exhibited εr = 17, Q × f o = 84,020 GHz, and τf = −47 ppm/◦C
(at x = 0.05) and εr = 37, Q × f o = 53,600 GHz, and τf = −28 ppm/◦C (at x = 0.5) [18].
Mao et al. [19] studied the effect of Mn2+ and W6+ dopants in TiO2, which improved the εr
(~105) and Q × f o (~39,000 GHz), but τf (~464.4 ppm/◦C) further deteriorated. Similarly,
other rutile TiO2-based systems, such as Zn0.15Nb0.3Ti0.55O2 [20], Bi-doped TiO2 [21], and
Ni0.5Ti0.5TaO4 [22] ceramics, exhibit a high τf . Similarly, Souza et al. [23] synthesized
TiO2 − ZrO2 (x = 0, 0.1, and 0.2) and reported εr = 88, Q × f o = 16,285 GHz for the pure
TiO2, εr = 85.4, Q × f o = 9765 GHz for x = 0.1, and εr = 79.2, Q × f o = 8883 GHz for x = 0.2;
however, they did not report the temperature coefficient of the resonance frequency of
these ceramics. Therefore, the purpose of the present work was to study the effect of the
Zr4+ substation on the MW dielectric properties of rutile TiO2, which exhibited a high τf
value; however, the quality factor was improved due to a reduction in the coring effect.
Furthermore, a structure–property relationship was developed for the unaffected τf in
Zr-doped TiO2.

2. Experimental Procedures

The Ti1−xZrxO2 (x = 0–0.1) ceramics were prepared through a conventional solid-state
route using reagent-grade TiO2 (99.9%) and ZrO2 (99.9%) precursors. The precursors were
dried at 700 ◦C for 6 h to remove moisture (if any). The precursors were weighed and
then mixed/milled using a mortar and pestle for 1 h in acetone. The mixed powders
were calcined at 1000 ◦C (x = 0) and 1200 ◦C (x > 0) for 4 h at a heating/cooling rate of
5 ◦C/min in air. The calcined powders were re-milled and then pressed uniaxially into
10 mm-in-diameter cylindrical pellets. The green pellets were sintered in the temperature
range of 1300−1400 ◦C for 4 h at a heating/cooling rate of 5 ◦C/min in air.

The phase analysis of the samples was carried out using an X-ray diffractometer
(Bruker D8 Advance, Germany) with Cu-Kα radiation. For Rietveld analysis, the GSAS
+ EXPGUI package was used [24,25]. For background fitting, the Shifted Chebyshev
polynomial was used with 12 terms. To increase the level of accuracy, the damping factor
was kept at 9. To study the vibrational modes, the Raman spectra of all the samples were
collected at room temperature using a Micro Ramboss spectrometer with a laser source of
532 nm and a power of 80 mW, with a frequency of 150–800 cm−1. Electron paramagnetic
resonance (EPR) spectroscopy was carried out at room temperature using a Bruker BioSpin
GMBH apparatus, Germany, with an X-band frequency of 9.843 GHz. The gyromagnetic
factor (g) value was calculated by using the Equation (1),

g =
hv◦
βH

(1)

where h is the Planck constant (h = 6.626 × 10−34 Js), v◦ is the MW frequency, β is the
Bohr magneton (β = 5.788 × 10−15 eVT−1), and H is the strength of the magnetic field.
The microstructure and elemental distribution of the samples were examined via scanning
electron microscopy with energy-dispersive X-ray analysis (SEM/EDX, Thermo Fisher
Scientific, Waltham, MA, USA). The diffuse reflectance spectrum of the sample was obtained
using a Jasco-V750 UV–vis spectrometer. The MW dielectric properties of the samples were
measured using a network analyzer (Keysight, E5071C ENA, Santa Rosa, CA, USA) with
the TE01δ shielded cavity method [26]. The temperature coefficient of resonant frequency
(τf ) was calculated with the following formula:

τf =
f1 − f2

f1(T1 − T2)
(2)
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where f1 and f2 are the resonant frequencies at temperature T1 and T2, respectively.

3. Results and Discussions

Figure 1a shows the room-temperature XRD patterns of Ti1−xZrxO2 (x = 0–0.1) ceram-
ics sintered at their optimum sintering temperatures. All diffraction peaks of the samples
matched JCPDS #89−4920 for rutile TiO2, having a tetragonal crystal structure with a space
group P42/mnm. Figure 1b shows the Rietveld fitted and experimental data of Ti1−xZrxO2
(x = 0.025). Fitted plots for other samples are given in the Supplementary Information
(Figure S1). The refined lattice parameters, cell volume, R factors (goodness of fitting or
reliability factor), tetragonality (c/a), bond lengths (d), and theoretical density are given
in Table 1. Due to the substitutionally doped Zr4+, the lattice parameters and cell volume
have been increased and the diffraction peaks were shifted to the lower 2θ values with an
increase in x [27]. The shift in the diffraction peaks is attributed to the larger ionic radius of
Zr4+ (rVI = 0.72 Å) than Ti4+ (rVI = 0.605 Å) [28,29]. A secondary phase (ZrO2) was observed
at x = 0.1, which suggests that the solubility limit of Zr4+ in TiO2 is less than 0.10 [30,31].
The tetragonality ratio has been increased from 0.6445 to 0.6476 with the increase in the
Zr concentration.
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Figure 1. (a) XRD patterns of rutile Ti1−xZrxO2 (x = 0−0.1), and (b) fitted XRD patterns for x = 0.025.

Raman spectroscopy was carried out to confirm the rutile phase of Ti1–xZrxO2 (x = 0–0.1)
ceramic samples. Rutile has 15 optical modes (i.e., 1A1g + 1A2g + 1A2u +1B1g + 1B2g +
2B1u + 1Eg + 3Eu) in which the Eg, B1g, B2g, and A1g are Raman active [32,33]. Figure 2
shows the bands that are indicative of the rutile symmetry, which were observed at about
144 cm−1 (B1g), 242 cm−1 (two phonon process), 441 cm−1 (Eg), and 606 cm−1 (A1g) for
all the samples. Furthermore, when the Zr concentrations increased, the Eg peak moved
to a lower wavenumber, showing that the doping Zr ions enter the host lattice, which
expands [33]. The 144 cm−1 (B1g) peak is associated with the bending vibration of the
O—Ti—O bond [27]. The peak at 242 cm−1 is the complex vibration peak due to the multi-
phonon scattering (second-order effect), associated with the O—Ti—O bond’s complex
vibration on rutile TiO2 [34]. Generally, the second-order effect was believed to be due to
internal stress/strain or might be because of the Zr having a different ionic radius than
that of the host [35]. The shift in the phonon peak towards the lower frequencies shows the
reduction in the anharmonic behavior of the crystals, which shows an increase in crystal
stability and enhancement of optical, dielectric, and thermal transport properties [36]. The
Eg mode (441 cm−1) represents the vibrational motion of oxygen atoms along the c-axis,
whereas the A1g mode (606 cm−1) is related to the Ti−O stretching vibration [27]. When
Ti4+ ions in the lattice were replaced by Zr4+, the O2− ions could be more closely bound,
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because the Zr4+ ions have a higher electro-positivity than Ti4+. As a result of this, the
vibrational motion of oxygen atoms along the c-axis is hindered, resulting in a decrease in
the vibrational energy of oxygen atoms that corresponds to the Eg mode (441 cm−1), as well
as a decrease in frequency. On the other hand, the replacement of Zr4+ ions has no effect on
the A1g mode (606 cm−1), matching the Ti−O stretching vibration energy. Therefore, the
peak at 606 cm−1 is not shifted with an increase in the Zr4+ concentration [27].

Table 1. Rietveld refined lattice parameters, atomic positions, and refinement factors of Ti1–xZrxO2

(x = 0–0.1) ceramics.

x Values 0 0.025 0.05 0.075 0.1

a = b (Å) 4.5890 (7) 4.5923 (2) 4.6001 (5) 4.6061 (5) 4.6137 (9)

c (Å) 2.9579 (8) 2.9635 (7) 2.9732 (6) 2.9811 (1) 2.9882 (8)

α = β = γ (◦) 90 90 90 90 90

c/a 0.6445 0.6453 0.6463 0.6471 0.6476

Vcell (Å)3 62.29 62.45 62.92 63.26 63.61

Rwp (%) 11.36 14.12 12.06 11.98 12.97

Rp (%) 8.82 10.91 9.17 9.21 10.09

χ2 1.49 2.14 1.66 1.71 1.96

Atomic positions
(x, y, z)

Ti (0, 0, 0) (0, 0, 0) (0, 0, 0) (0, 0, 0) (0, 0, 0)

O (0.3025,
0.3025,

0)

(0.3053,
0.3053,

0)

(0.3026,
0.3026,

0)

(0.3050,
0.3050,

0)

(0.2956,
0.2956,

0)

Zr (0, 0, 0) (0, 0, 0) (0, 0, 0) (0, 0, 0)
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Figure 2. Raman spectra of rutile Ti1−xZrxO2 (x = 0–0.1).

TiO2 belongs to a class of reducible oxides as it readily loses oxygen upon sintering
at high temperatures in air with the formation of excess electrons and oxygen vacancies.
The reduction in TiO2 can be expressed using Kroger–Vink notations, in terms of either
the formation of Ti4+ interstitials, oxygen vacancies, Ti3+ interstitials, or Ti3+ species and
oxygen vacancies in octahedral sites given by the Equations (3)–(6), respectively [14].

Ti×Ti + 2O×o ⇔ Ti••••i + 4e′ + O2 (3)
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2O×o ⇔ 2V••o + 4e′ + O2 (4)

Ti×Ti + 2O×o ⇔ Ti•••i + 3e′ + O2 (5)

2Ti×Ti + O×o ⇔ 2Ti
′

Ti + V••o +
1
2

O2 (6)

The excess electrons formed due to oxygen vacancies are usually stabilized at cations
by forming Ti3+ as illustrated in Equation (5). This fact has been firmly confirmed, based on
accurate theoretical calculations, that the electrons generated as a result of oxygen vacancies
are preferentially stabilized on d orbitals of Ti [37] and were also shown by Chester [38]
and Zimmermann [39]. For the detection of paramagnetic species, we have used EPR
spectroscopy to investigate the bulk and surface defects in the rutile TiO2. Ti1−xZrxO2
(x = 0–0.1) samples were examined via conventional continuous wave-EPR (CW-EPR) by
homogeneously changing the magnetic field in a specific range until a resonance condition
was achieved, which entails the transition between spin states. Figure 3 displays the room
temperature EPR spectra of rutile Ti1−xZrxO2 (x = 0–0.1), where the signal belongs to the
paramagnetic center Ti3+ formed due the generation of excess electrons due to oxygen
vacancies, consistent with the previous result [40]. The line of the EPR signal for rutile
TiO2 recorded at room temperature tends to broaden and eventually disappear. This is
because of the relaxation time of Ti3+, which causes the weakening of the EPR signal’s
intensity at a temperature higher than 77 K [40]. With an increase in the Zr4+ concentration,
the intensity of the signal decreases, which means the concentration of the paramagnetic
center, implying that Ti3+ has been reduced in the sample. The corresponding g-value (1.97)
belongs to the inner Ti3+ paramagnetic centers [41–43].
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The relative density of rutile Ti1−xZrxO2 (x = 0–0.1) with an increasing Zr concentration
was measured. At an optimum sintering temperature, a relative density of ~93% was
achieved. Figure 4a–e shows the SEM micrographs of sintered, thermally etched, and
polished rutile Ti1−xZrxO2 (x = 0–0.1) samples, illustrating their morphologies and grain-
size distributions. The SEM images show a well-developed grain morphology and an
almost dense microstructure with some pores or voids. The grain size increased from 5
to 19 µm as the Zr concentration increased from 0 to 0.1 (Figure 4f). This is because Zr
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promotes the grain-growth [44]. The composition (x = 0, sintered at 1300 ◦C) exhibited a
uniform distribution of grain size, while the doped samples sintered at high temperatures
(1375−1400 ◦C) displayed a bimodal distribution, which is an indication of the Ostwald-
ripening mechanism for the grain-growth [45]. During sintering, grain growth is dominated
by the grain boundary and volume diffusion, which results in larger grains [11]. The
pores/voids of the doped samples have been decreased as compared to the pure rutile TiO2,
but residual porosity has been observed in all the compositions. To further confirm the
homogeneity in the samples, elemental mappings for Ti1−xZrxO2 (x = 0.025) are shown in
Figure 4g–j, which are also supported by the EDX spectra, shown in Figure S2. At x = 0.10,
the contrast of some small grains was different, consistent with the elemental mapping
(Figure 5), which is in agreement with the XRD data (Figure 1), showing the formation of a
secondary phase (ZrO2) [30,31]. This confirmed the presence of Ti and O in the TiO2 sample,
while for the doped samples, Ti, O, and Zr were homogeneously distributed. However, for
samples with x = 0.10, there are Zr-rich regions that show the formation of the secondary
phase (Figure 5), consistent with the XRD and SEM.

Ceramics 2024, 7, FOR PEER REVIEW    6 
 

 

The relative density of rutile Ti1−xZrxO2 (x = 0–0.1) with an increasing Zr concentration 

was measured. At  an  optimum  sintering  temperature,  a  relative density  of  ~93% was 

achieved. Figure  4a–e  shows  the SEM micrographs of  sintered,  thermally  etched,  and 

polished rutile Ti1−xZrxO2 (x = 0–0.1) samples, illustrating their morphologies and grain-

size distributions. The SEM  images  show  a well-developed grain morphology  and  an 

almost dense microstructure with some pores or voids. The grain size increased from 5 to 

19 µm  as  the Zr  concentration  increased  from  0  to  0.1  (Figure  4f). This  is because Zr 

promotes the grain-growth [44]. The composition (x = 0, sintered at 1300 °C) exhibited a 

uniform distribution of grain size, while the doped samples sintered at high temperatures 

(1375−1400 °C) displayed a bimodal distribution, which is an indication of the Ostwald-

ripening  mechanism  for  the  grain-growth  [45].  During  sintering,  grain  growth  is 

dominated by the grain boundary and volume diffusion, which results in larger grains 

[11]. The pores/voids of the doped samples have been decreased as compared to the pure 

rutile TiO2, but residual porosity has been observed  in all  the compositions. To  further 

confirm the homogeneity in the samples, elemental mappings for Ti1−xZrxO2 (x = 0.025) are 

shown in Figure 4g–j, which are also supported by the EDX spectra, shown in Figure S2. 

At x = 0.10, the contrast of some small grains was different, consistent with the elemental 

mapping  (Figure 5), which  is  in agreement with  the XRD data  (Figure 1), showing  the 

formation of a secondary phase (ZrO2) [30,31]. This confirmed the presence of Ti and O in 

the  TiO2  sample, while  for  the  doped  samples,  Ti,  O,  and  Zr were  homogeneously 

distributed. However, for samples with x = 0.10, there are Zr-rich regions that show the 

formation of the secondary phase (Figure 5), consistent with the XRD and SEM. 

 

Figure 4. SEM micrographs of thermally etched and polished Ti1−xZrxO2 at (a) x = 0, (b) x = 0.025, (c) 

x = 0.05, (d) x = 0.075, (e) x = 0.1; (f) grain size distribution as a function of the Zr concentration; (g) 

elemental distribution and EDX mapping of (h) Ti, (i) O, and (j) Zr for a sample with x = 0.025. 

Figure 4. SEM micrographs of thermally etched and polished Ti1−xZrxO2 at (a) x = 0, (b) x = 0.025,
(c) x = 0.05, (d) x = 0.075, (e) x = 0.1; (f) grain size distribution as a function of the Zr concentration;
(g) elemental distribution and EDX mapping of (h) Ti, (i) O, and (j) Zr for a sample with x = 0.025.
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Figure 5. EDX mapping of (a) Ti1−xZrxO2 (x = 0.1), (b) Ti, (c) O, and (d) Zr.

Diffuse reflectance spectroscopy (DRS) studies were performed in the region 200–800 nm
to evaluate the optical bandgap and the effect of Zr4+ doping on the bandgap of rutile TiO2.
Besides studying the possible transitions between conduction and the valence band, we can
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also find any other transition due to impurities with DRS as well. Figure 6a shows the DRS
spectrum of Ti1−xZrxO2 (x = 0–0.1) samples, indicating a sharp decrease in reflectance at
about 310 nm for the un-doped rutile sample, caused by strong absorption. After increasing
the concentration of Zr4+, the absorption edge shifted to a higher wavelength for x ≤ 0.075,
showing a decrease in the optical band gap energy. This absorption may be attributed to
the charge transfer between O2p and M3d (M = Ti, Zr) [46]. The optical band gap (Eg) was
calculated by solving the Kubelka-Munk equation (Equation (7)).

[F(R∞)hυ] = α(hυ− Eg)
n (7)

where F(R∞) is the Kubelka–Munk function, hv is energy, Eg is band gap energy, and α
is the proportionality constant. The power n describes the type of electronic transition
and has a constant value, i.e., n = 0.5 for direct allowed and n = 2 for indirect allowed
Eg. Furthermore, n = 3/2 and n = 3 are used for direct and indirect forbidden energy
gaps, respectively [47,48]. The key parameters affecting the bandgap of materials are the
crystallinity, processing technique, cell parameters, and average particle size [49]. The
Eg values were calculated from the Tauc plot (Figure 6b). Eg for the x = 0 sample was
estimated to be 2.92 eV, which decreased to 2.62 eV with the Zr concentration from x = 0 to
0.075 because Zr doping will modify the band structure and hence band gap. It has been
speculated that the position of the conduction band has decreased while the position of
the valence band has remained unchanged [46,50,51]. With a further increase in the Zr
concentration (x = 0.1), the bandgap increased to 2.66 eV due to the presence of the ZrO2
phase, which has a higher band gap value, i.e., 4.6−5.25 eV [52,53].
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Figure 6. (a) Reflection spectra and (b) Tauc plots of Ti1−xZrxO2 (x = 0–0.1).

Table 2 shows the MW dielectric properties of the rutile Ti1–xZrxO2 (x = 0−0.1) ce-
ramics. A high εr for rutile Ti1–xZrxO2 (96–103) was, observed which may be due to their
characteristic extended apical bonds as compared to the equatorial bonds causing the
rattling of cations in a rutile structure [20]. εr increased from 96 (x = 0) to 103 (x = 0.075)
with an increase in the dopant (Zr) concentration and then decreased to 99 for sample
x = 0.10. The enhancement of the εr could be related to the Zr substitution at the Ti lattice
site [54]. This increase may also be attributed to the complex process of grain growth and
densification of the ceramic [55,56]. Another crucial factor contributing to the enhancement
of εr is the ionic polarizability. The ionic polarizability of Zr4+ (3.25 Å3) is higher than that of
Ti4+ (2.93 Å3), which may be the phenomenon behind the increase in the εr [57]. Therefore,
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theoretical dielectric polarizability and ionic polarizabilities (αtheo) were calculated using
Shannon’s additivity rule [57] as follows:

αtheo = (1− x)αTi4+ + xαZr4+ + 2αO2− (8)

where αTi4+ , αZr4+ , and αO2− are the ionic polarizabilities of Ti, Zr, and O, respectively.
The increasing trend of the αtheo is in good agreement with the increasing trend of εr;
therefore, it can be concluded that in rutile Ti1−xZrxO2, the change in εr arises from the
ionic polarizability difference, as shown in Table 2. The non-linear behavior of εr for sample
x = 0.1 is because of the presence of ZrO2 as a secondary phase, which has an εr value
of 15–40, which depends upon the frequency and crystal structure [58], leading to the
decrease in the εr of the x = 0.1 sample. In addition, Ravichandran et al. [59] established a
relationship between the εr and optical bandgap energy, i.e., the εr is inversely proportional
to the Eg [60], which is consistent with our study. With a decrease in the Eg value, the εr
values increased.

Table 2. MW dielectric properties and optical bandgap of Ti1−xZrxO2.

x ST
(◦C)

Relative
Density

(%)
εr

αtheo
(Å3)

Q × fo
(GHz)

τf
(ppm/◦C)

Packing
Fraction

(%)

Bandgap
Energy

(eV)

0 1300 93 96 6.95 9500 417 70.6 2.92
0.025 1375 91 99 6.81 32,360 424 70.4 2.84
0.05 1375 89 101 6.96 29,710 432 70.0 2.81

0.075 1400 89 103 6.97 21,050 429 69.6 2.62
0.1 1400 -- 99 6.98 18,800 453 69.3 2.68

Generally, the microstructures, densities, grain size, crystal lattice, packing fraction,
secondary phases, and valency of Ti in the Ti-based ceramics affect the Q × f o [61–63]. The
Q × f o initially increased from 9500 (x = 0) to 32,366 GHz (at x = 0.025) and then decreased
to 18,798 GHz (at x = 0.1). The relative density of the samples showed a decreasing trend
with an increase in the Zr concentration, which is consistent with the previous study [23].
At 1300 ◦C, TiO2 has a density of ~93% but shows oxygen deficiency due to a low diffusion
coefficient, making it unable to allow the oxygenation of the ceramic. However, oxygen
diffused only to the surface of the ceramic because the core appears dark due to the presence
of the reduced Ti3+ species, i.e., the bulk non-stoichiometry of oxygen is less, but it may be
sufficiently large in the core to provoke the formation of condensation/shear structures of
oxygen vacancies, just like that of Magnelli phases [17]. The reduction in TiO2 increases the
dielectric loss, leading to the deterioration of the Q × f o. In comparison, the doping of Zr4+

in TiO2 has overcome the problem and enhanced the Q × f o value. This phenomenon can
be explained using the shift in the Eg band towards the lower wavenumber (Figure 2) with
an increasing Zr concentration, which is attributed to the decrease in the oxygen vacancies
in the ceramics [32]. Similarly, this fact is also confirmed using EPR spectroscopy, which
showed a decrease in the concentration of the Ti3+ paramagnetic center. The Q × f o of
ceramics, having a rutile structure, also strongly depends on the c/a ratio [19,64], which
agrees with the present findings (Table 1). The slight decrease in the Q × f o from 32,366
(x = 0.025) to 18,798 GHz (x = 0.1) may be due to an increase in the number of voids
(Figure 4). The Q × f o and lattice vibrations of the rutile TiO2 can also be influenced by the
packing fraction (PF). The PF shows the density of atomic stacking and can be calculated
using Equation (9) [65]:

%PF =

[
volume o f the packed ions

volume o f the unit cell

]
× Z (9)

where Z shows the formula units per unit cell. As the Q × f o and PF are directly propor-
tional, the decrease in Q × f o may also be attributed to the decrease in PF with an increase
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in the Zr concentration, as given in Table 2. At x = 0.10, the presence of the ZrO2 phase may
also be responsible for the decrease in the Q × f o [23].

τf slightly increased with an increase in the Zr concentration. The mechanism respon-
sible for the increase in the τf is mostly the increase in εr because the materials with high εr

have high τf and vice versa [66]. This may also be attributed to the substitution of Zr4+, a
larger cation, for Ti4+, a smaller cation, which distorts the octahedra, increasing the τf of the
samples. Figure 7b shows the dependence of the τf on the unit cell volume of Ti1−xZrxO2
(x = 0–0.1) ceramics. τf is the combined effect of thermal expansion (αL), as well as the
temperature coefficient of permittivity (τε), as shown in the Equation (10) [67]:

τf = −
1
2

τε − αL (10)
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Figure 7. (a) Relationship between the c/a ratio and τf value and/or εr and (b) the variation in τf

with the unit cell volume of Ti1−xZrxO2 (x = 0–0.1).

The αL value for ceramics is constant and in the range of 10 ppm/◦C; therefore, the
magnitude and sign of the τf depend on τε. According to the Clausius–Mossotti relation, τε

is given by Equations (11) and (12) [67].
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Here, αm represents polarizability, while Havinga and Bosman [67,68] relate the terms
A and B to the expansion of volume, but their effects cancel out each other due to their
equal magnitude and opposite sign. As shown by Lee [67], the term C is the restoring force
acting upon the ions and correlates with the potential well’s shape, which shows its high
dependence on the lattice parameters and structure. The τε proportionally decreased with
the increase in the volume of the unit cell, as with an increase in x, which in turn increased
the τf .

The τf is also related to the structural characteristics of the oxygen octahedra, such as
the bond strength (s), bond length, and degree of covalency of constituents [65,69]. These
characteristics can be calculated based on the degree of covalency, which is related to
covalency ( fc) and s using the following equations [70,71].

s =
(

R
R1

)−N
(13)
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fc = a
(

R
R1

)−NM
(14)

degree o f covalency =
a
(

R
R1

)−NM

(
R
R1

)−N × 100 =
asM

s
× 100 =

fc

s
× 100 (15)

where R1, N, a, and M are constants. The values of R1 and N depend on the cation site,
while a and M depend on the number of electrons. The values of these constants are
already reported in Refs. [70–72]. R is the average bond length obtained from the Rietveld
refinement results. The degree of the Ti/Zr−O bond covalency increases from 38.441 to
38.756% with an increase in the Zr concentration as given in Table 3. Therefore, an increase
in τf values may be associated with the decrease in s, which is in good agreement with
Q × f o, i.e., a decreasing trend from x = 0.025–0.1.

Table 3. Bond strength and covalency of Ti1−xZrxO2 (x = 0–0.1).

x Bond
Type R (Å) R1 N s fc

Covalency
(%)

Degree of
Covalency

(%)

0 Ti−O 1.9601 1.806 5.2 0.6532 0.2511 38.441 38.441

0.025
Ti−O

1.9633
1.806 5.2 0.6477 0.2477 38.255

38.496Zr−O 1.950 6 0.9600 0.4596 47.874

0.05
Ti−O

1.9664
1.806 5.2 0.6424 0.2446 38.077

38.554Zr−O 1.950 6 0.9509 0.4528 47.616

0.075
Ti−O

1.9699
1.806 5.2 0.6365 0.2411 37.876

38.585Zr−O 1.950 6 0.9408 0.4453 47.327

0.1
Ti−O

1.9710
1.806 5.2 0.6346 0.2400 37.814

38.756Zr−O 1.950 6 0.9377 0.4429 47.237

The relationship among the relative permittivity, structure parameter, and τf value
of rutile Ti1−xZrxO2 (x = 0–0.1) is also important. εr and τf , for rutile tetragonal ceramic,
mainly dependent on the tetragonality (c/a ratio) [73] or octahedral distortion [74]. The
distortion of each TiO6 octahedra is affected by the c/a ratio and oxygen positional parameter
(µ). The relationship between µ and c/a ratio is in the given (Equation (16)) [73].

µ =

2−
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(
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where de and da are the lengths of four equatorial and two apical Ti—O bonds, respectively,
and can be calculated from a, c, and µ [64]. In special cases, when µ = µ* = 1

4

[
1 + 1

2
( c

a
)2
]
, all

the de and da bonds are equal. A perfect octahedron in a tetragonal structure would have an
ideal c/a≈ 0.586 and µideal = 1/2 (c/a)ideal, giving all twelve O—O bonds equal lengths [64].
The degree of octahedral distortion can be indicated by the c/a ratio up to some extent [64].
Figure 7a shows the dependence of τf and εr on the c/a ratio of Ti1−xZrxO2 (x = 0–0.1)
ceramics. It is observed that the c/a ratio of Ti1−xZrxO2 increased with an increase in the Zr
concentration showing an increase in εr and τf. The c/a ratio for the Ti1−xZrxO2 (x = 0–0.1)
ceramic was higher than the ideal c/a ratio (~0.586) and increased with an increase in x,
which resulted in a high distortion of the TiO6 octahedra. When the temperature increased,
the rise in thermal energy was supposed to be absorbed completely in recovering the
octahedral distortion, rather than in restoring the direct dependence of the polarizability on
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temperature [74], which means that the tetragonality ratio would change towards the ideal
c/a ratio [64]. When the c/a ratio is closer to the (c/a)ideal (0.586), then there will be a slight
change in c/a upon the increase in temperature from 25 to 85 ◦C. Therefore, an increase in
the τf value for the Ti1−xZrxO2 solid solution is due to an increase in the c/a ratio.

4. Summary

In this study, Ti1−xZrxO2 ceramics were processed and their crystal structure, defect
chemistry, microstructure, optical bandgap energy, and MW dielectric properties were
investigated. Rutile TiO2 crystallized into a tetragonal structure (P42/mnm). At x = 0.1, a
secondary phase (ZrO2) was observed, which shows that the solubility limit of Zr is below
0.10. The SEM micrographs showed an increase in the grain size from 5 µm to 19 µm with
an increasing Zr concentration. The electron paramagnetic resonance spectroscopy showed
the existence of Ti3+ species in the rutile sample, which reduces with the increase in the
Zr4+ concentration. The Tauc plots showed a decreasing trend in the bandgap energies
of Ti1−xZrxO2 (x = 0–0.075), i.e., 2.92−2.62 eV. The relative permittivity slightly increased,
due to the extended apical bonds, as compared to the equatorial bonds causing the rattling
of cations in the rutile structure. The quality factor initially increased with an increase
in the Zr concentration (i.e., x = 0.025), which was explained based on a decrease in the
coring effect and hence a decrease in oxygen vacancies. Above x = 0.025, the quality factor
started decreasing due to a decrease in the packing fraction. Similarly, the temperature
coefficient of the resonance frequency increased with an increase in x, due to an increase
in the tetragonality (c/a ratio), which is indirectly associated with the distortion of the
octahedra. Similarly, the degree of covalency also decreased, which is also a reason for the
increase in τf .
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Abstract: The burgeoning significance of antiferroelectric (AFE) materials, particularly as viable
candidates for electrostatic energy storage capacitors in power electronics, has sparked substantial in-
terest. Among these, lead-free sodium niobate (NaNbO3) AFE materials are emerging as eco-friendly
and promising alternatives to lead-based materials, which pose risks to human health and the envi-
ronment, attributed to their superior recoverable energy density and dielectric breakdown strength.
This review offers an insightful overview of the fundamental principles underlying antiferroelectricity
and the applications of AFE materials. It underscores the recent advancements in lead-free NaNbO3-
based materials, focusing on their crystal structures, phase transitions, and innovative strategies
devised to tailor their electrostatic energy storage performance. Finally, this review delineates the
prevailing challenges and envisages future directions in the realm of NaNbO3-based electrostatic
energy storage capacitors, with the goal of fostering further advancements in this pivotal field.

Keywords: sodium niobate; antiferroelectric; lead-free material; energy storage capacitor

1. Introduction

In recent years, energy storage has emerged as a topic of significant interest because of
the rapid advancement of technologically complex electronic devices and electrical power
systems [1–3]. Electrostatic capacitors, electrochemical capacitors, batteries, and solid oxide
fuel cells (SOFCs) are most of the technologies that can store energy, as shown in Figure 1.
Electrostatic capacitors, also known as dielectric capacitors, offer many advantages over
electrochemical capacitors, batteries, and SOFCs, including swift charging–discharging
rates, ultrahigh power density, and excellent thermal stability, though they have a lower
energy density. Among capacitors, electrochemical capacitors (e.g., supercapacitors) gen-
erally have a higher energy density compared to dielectric capacitors, primarily due to
the significantly increased surface area of the electrodes. However, they also have a lower
operating voltage, typically less than 3 V, exhibit significant leakage current (in mA), and
are more expensive, costing around 9500 USD/kWh [4–7]. Therefore, dielectric capacitors
are more suitable for low-cost, high-voltage, and large-scale applications [8].

When it involves analysing power and energy densities for energy storage devices
(ESDs), the Ragone plot is an indispensable instrument. According to the evidence shown
in Figure 1, it is not possible for a single ESD to concurrently possess both a high energy
density and a high power density. It is possible to determine the application of each ESD
based on its own characteristic time, which is determined by the energy-to-power ratio or
charge/discharge rate of the device, as shown by the straight dashed lines in Figure 1 [9].
It is essential to remain conscious of the charge or discharge time in which external factors,
such as the resistance of the load, might influence ESD encounters. As energy is stored in a
capacitor by the displacement of bound charged elements, capacitors have a higher charge
or discharge rate and power density than batteries and SOFCs [10].
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Dielectric capacitors are particularly useful for high-power/pulse-power systems due
to their high charge or discharge rate, as indicated by their short characteristic time in
Figure 1. This feature is also significant for effectively capturing energy from evanescent
and intermittent renewable sources [11]. On the other hand, dielectric capacitors with
enhanced energy densities offer significant benefits for a range of applications, including
consumer electronics, commercial defibrillators, and pulsed power applications, due to
their downsizing potential and easy integration [5,9,11–15]. Furthermore, increasing the
energy density of dielectric capacitors to levels comparable with electrochemical capacitors
or batteries [5] could significantly expand their use in energy storage, opening up a broader
spectrum of applications.

Ceramic-based dielectric capacitors possess a rapid charge/discharge cycle and a high
power density because of their ability to store energy via dipole moments as opposed
to chemical reactions [10,16]. In addition, ceramics exhibit commendable mechanical
properties and stability. These characteristics enable them to become fundamental elements
of intermittent power systems. However, the application areas of ceramic capacitors are
significantly limited because their integration and miniaturisation are impeded by their
comparatively low recoverable energy storage density (W rec) and energy storage efficiency
(η). Therefore, the development of energy storage ceramics with superior efficacy is critical.
Ceramic capacitors with high permittivity dielectrics are ideal for storing more energy due
to their superior volumetric efficiency. These capacitors typically use ferroelectric (FE)
materials, characterised by a spontaneous electric polarisation that can be modified with
an external electric field [17]. In contrast, antiferroelectric (AFE) materials, while similar
to FE materials, consist of adjacent dipoles in antiparallel orientations, leading to no net
spontaneous polarisation [18,19]. AFE phases can undergo field-induced transitions to
polar FE phases, leading to high polarisation at a high electric field. This opens up potential
applications in energy storage, provided that the dielectric breakdown polarisation is high
enough to induce the AFE-FE phase transition.

However, compared to FEs, AFEs are less commonly used due to the limited vari-
ety of AFE compounds and their less diverse functionalities [20,21]. Extensive research
has been conducted on lead-based AFEs over the past decade, owing to their promis-
ing properties. Additionally, the phase stability of these materials can be easily adjusted
through chemical substitution. The orthorhombic symmetry of the first lead-based AFE
compound, PbZrO3, was established by Sawaguchi et al. in 1951 [22]. Currently, over
40 types of AFE materials have been identified [23]. Among these, perovskite lead-
based compounds are particularly notable, including PbHfO3 [24], (Pb, La) (Zr, Ti)O3 [25],
(Pb, La)(Zr, Sn, Ti)O3 [26,27], Pb0.97La0.02(Zr0.5Sn0.43Ti0.07)O3 [28], Pb(In0.5Nb0.5)03 [29],
and Pb0.97La0.02(Zr, Sn, Ti)O3 [30].
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It is worth noting that lead oxides and lead-containing compounds typically comprise
about 70% of the raw material mass in certain applications [23]. Lead, a heavy metal, is
highly toxic and can cause symptoms like abdominal pain, neurasthenia, anaemia, and
toxic encephalopathy if it accumulates in the body beyond safe levels [31,32]. Recognising
its danger to human and environmental health, many countries have regulated lead in
electrical items [33,34]. This has spurred global research into lead-free dielectric materials,
with notable progress in lead-free FEs [35–37], in contrast to the modest advances in
lead-free AFEs [18,23,38].

As of the current date, NaNbO3 and AgNbO3 are recognised as leading examples of
lead-free AFE materials. Figure 2 depicts the scholarly articles on lead-free AFE materials
for energy storage published in Scopus-indexed journals from 2015 to 2024. Comparing
the synthesis and processing of NaNbO3 to AgNbO3, it is observed that NaNbO3 is more
cost-effective, owing to its reliance on less expensive raw materials and the elimination
of the need for a protective environment during the sintering process [39–41]. Despite
the advantage of not requiring a protective atmosphere like oxygen, which is necessary
for AgNbO3, the higher sintering temperatures and the volatilisation of sodium at ele-
vated temperatures present challenges in achieving high-quality NaNbO3-based ceramics.
Therefore, the hydrothermal method has been recently employed for the synthesis of both
NaNbO3 and AgNbO3, leading to the production of high-quality ceramics [42,43].
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The potential AFE properties of NaNbO3 were initially identified in a publication in
1951 [44], coinciding with Kittel’s proposal of the antiferroelectricity concept [45]. Recent
advances have highlighted NaNbO3 as a material of significant functional importance,
particularly due to the discovery of unique AFE characteristics in some of its derived solid
solutions [46,47]. These NaNbO3-based solid solutions have drawn substantial interest
for their ability to exhibit double loops and their relatively low density, estimated at
4.55 g/cm3 [48]. Furthermore, the burgeoning scientific pursuit of innovative energy
storage materials since 2015 has catalysed the development of compositionally altered
NaNbO3-based AFEs, characterised by their reversed field-induced phase transitions.

This review aims to provide a comprehensive summary of the latest advancements
in lead-free NaNbO3-based AFE ceramics for energy storage, a topic that has garnered
considerable interest. Initially, it offers a succinct overview of the fundamental concepts
and applications of AFE ceramics. It then delves into recent developments in lead-free
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NaNbO3-based AFE materials, covering aspects such as crystal structures, phase transitions,
chemical modifications (doping, solid solutions), and strategies devised to improve their
energy storage capabilities [23,38,49,50]. Finally, the review addresses the outstanding
challenges and future outlook in the study of NaNbO3-based AFE ceramics and capacitors.

2. Fundamentals of AFEs
2.1. Definition of AFEs

AFE materials are closely related to FE materials but exhibit distinct characteristics. In
FEs, the application of an external electric field aligns the inherent polarisation, resulting
in a single polarisation hysteresis loop with a non-zero remanent polarisation (Pr). This
residual polarisation persists even after the external field is removed, indicative of the
FE nature.

In contrast, AFEs are characterised by a double polarisation hysteresis loop during
field-induced phase transitions from the AFE to the FE state. Structurally, AFEs lack a
macroscopic spontaneous polarisation, often described as inhibited FEs [51]. This inhibi-
tion is due to the equivalent antiparallel alignment of neighbouring dipoles, effectively
cancelling out the macroscopic polarisation. This unique alignment and structural charac-
teristic define AFEs as distinct yet related to traditional FE materials.

2.2. Applications of AFEs

In the early stages of their discovery, AFE materials were primarily regarded for
actuation applications [52]. However, mechanical fractures often occurred due to the
significant and abrupt strain changes during phase transitions, compromising the relia-
bility of these actuators. At present, AFE materials are increasingly recognised for their
potential in constructing high-energy-storage capacitors. Their potential to exhibit a higher
electrostatic energy density than FEs and linear dielectrics makes them particularly suit-
able for high-density power applications in electronics, including DC-link and snubber
capacitors [23,53–57].

The unique advantage of AFE materials in energy storage stems from the minimal
energy differential between their anisotropic AFE phase and the field-induced FE phase.
Under high electric fields, AFEs can transition to a highly polarised FE phase and revert to
their original AFE state once the field is eliminated [50,58–60]. This property is in stark con-
trast to FEs and other dielectrics, which generally show a decrease in dielectric permittivity
with increasing DC bias. Conversely, AFEs demonstrate an increase in permittivity at or
just before the critical field that triggers the AFE-to-FE phase transition [61].

Furthermore, AFE materials are gaining attention for emerging applications in ultra-
fast neuromorphic computing [62], tunnel junctions [63], hybrid charge trap memories [64],
ferroelectric random-access memories [65], and solid-state ferroic refrigerators [66]. The dis-
tinctive AFE properties in HfO2-based materials are attributed to field-induced transitions
between the polar orthorhombic phase (Pca2 1) [67] and the nonpolar tetragonal phase
(P4 2/nmc), differing from the antiparallel dipole configuration found in materials like
PbZrO3 and NaNbO3 [68]. Comprehensive discussions and evaluations of AFE materials
are elaborated in other studies [38,69].

3. Dielectric Capacitors for Energy Storage

Dielectric materials are used in the middle layer between two conducting electrodes
to construct a parallel-plate capacitor. The following equation is used to calculate the
capacitance (C), representing a capacitor’s ability to store energy:

C =
ε0εrA

d
(1)

where ε0 is the permittivity of free space (8.85× 10−12 F/m), εr is the relative permittivity,
A is the overlapping area of two electrodes, and d is the thickness of the dielectric layer.
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When an external voltage is supplied, a charging process occurs, leading to the ac-
cumulation of charges at the electrodes. These charges, having opposite signs but equal
magnitude, create an internal electric field. This field is directed opposite to the surround-
ing electric field. As more charges accumulate, the magnitude of this internal electric field
within the system increases proportionally. The charging process completes when the
internal electric field, induced by the collected charges (Q), equals the external electric
field. The C of the capacitor is represented by Q/V. The amount of stored energy can be
determined using the following equation:

W =
∫ Qmax

0
Vdq (2)

where Qmax is the maximum charge attained upon completion of the charging process, and
dq denotes the incremental increase in charge.

Energy density (J) is a key metric for evaluating the energy storage performance of
electrostatic capacitors. It quantifies the amount of energy stored relative to the capacitor’s
volume, providing a measure of how efficiently space is used for energy storage, as shown
in Equation (3):

J =
W
Ad

=

∫ Qmax
0 Vdq

Ad
=
∫ Dmax

0
EdD (3)

where D is the electrical displacement within the dielectric layer. Consequently, Dmax
denotes the maximum electric displacement in the material when subjected to the highest
applied electric field or dielectric breakdown strength, denoted as Emax.

In dielectrics with high permittivity, we often find that the electric displacement (D)
closely approximates the polarisation (P). And D is calculated as the product of ε0, εr, and
E. Therefore, Equation (3) can be formulated as follows:

J =
∫ Pmax

0
EdP =

∫ Emax

0
ε0εrEdE (4)

Jaffe [13] states that the energy density can be determined by integrating the area that
is bounded by the polarisation axis and the polarisation versus electric field (P− E) curve.
As shown in Figure 3a–c, the region shaded in blue represents the recovered energy density,
denoted as Jrec, which is the energy released during the discharging process. Conversely,
the orange region indicates the dissipated energy density (Jloss), attributable to losses within
the dielectric material. The total energy density, Jtot, accumulated during the charging
process equals the combined area of these two regions, reflecting their integral roles. Jrec is
calculated using Equation (5):

Jrec =
∫ Pmax

Pr
EdP (5)

Furthermore, the ratio of recoverable energy density (Jrec) to the total energy storage
density (Jtot) is equivalent to the energy efficiency (η), which can be expressed as:

η =
Jrec
Jtot
× 100% (6)

where Jtot = Jrec + Jloss, and Jloss is the dissipated energy density, which is depicted as the
orange region enclosed by the hysteresis loop.

It is important to note that nonlinear dielectric materials, such as FEs, relaxor ferro-
electrics (RFEs), and AFEs, are known to exhibit Jloss. AFEs generally exhibit lower Jloss and
higher Emax compared to FEs. According to Jaffe’s theory, AFEs have the potential to sig-
nificantly enhance energy storage capabilities, contingent upon resolving Emax challenges.
Adequate Emax is crucial to enable the AFE-to-FE phase transition [13].
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Figure 3d illustrates that AFEs often display hysteresis loops with a square recov-
erable energy area instead of a triangular one, a characteristic feature of AFEs [13]. The
electric fields at which the AFE-FE transition begins and ends are referred to as the EF
and EA threshold electric fields, respectively. As a result of their distinctive AFE-FE phase
transitions, AFEs have a significant advantage in energy storage over linear dielectrics
and FEs, owing to their enormous maximum polarisation (Pmax) and minimal remnant
polarisation (Pr) [70]. The residual polarisation in AFE ceramics is primarily a consequence
of system defects and leakage currents. These can be reduced by employing appropriate
doping strategies and microstructure optimisation. Modifying the critical phase transition
electric field through chemical substitution is also feasible. Furthermore, the degradation
resistance of ceramics is affected by various microstructural factors, including particle
size, pore presence, secondary phases, and others. These aspects collectively influence the
performance and reliability of AFE materials in energy storage applications [71–73].

4. Structural Characteristics of NaNbO3-Based Ceramics
4.1. Crystal Structures of NaNbO3

The structural complexity of NaNbO3 arises from the displacement of Nb within
its octahedral coordination and the tilting of the NbO6 octahedra [74]. As illustrated
in Figure 4 [69], at low temperatures (ranging from −100 ◦C to 360 ◦C), two phases of
NaNbO3 are observed to have very similar energy levels. These phases are designated as
the P and Q phases, respectively. The P phase, identified as an AFE phase, possesses an
orthorhombic space group Pbcm and is distinguished by antipolar distortions arising from
the Nb-O bonds. This phase features a superlattice structure of √2× √2× 4 , relative to
the aristo-type perovskite structure. The Q phase, an FE polar phase with the space group
P21ma, features a √2× √2× 2 supercell and can be induced by applying an electric field.
The coexistence of this polar Q phase and the antipolar P phase in NaNbO3 complicates
the analysis of double hysteresis loops, as evidenced in references [75–77].
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Figure 4. Crystal structures of NaNbO3, with Na+ in gold, Nb5+ in green, and O2− in white: (a) the
antipolar P phase and (b) the polar Q phase [69].

4.2. Phase Transitions in NaNbO3

Seven distinct phases of NaNbO3 can be observed as a function of temperature under
ambient pressure, as shown in Figure 5. The high-temperature phase, manifesting at 639 ◦C,
adopts the aristo-type cubic perovskite structure with a cubic Pm3m space group. Upon
cooling, this structure transitions through a sequence of phases: tetragonal (P4/mbm),
followed by four orthorhombic phases (Ccmm, Pnmm, Pmnm, and Pbcm), and ultimately
to a rhombohedral (R3c) phase [23]. The identification of these phases is based on two
primary factors: the displacement of Nb5+ ions from their octahedral centres and the tilting
of oxygen octahedra. With heating, these tilts and displacements diminish, culminating in
the restoration of the aristo-type cubic structure [74]. Notably, the rhombohedral N phase
exhibits FE, whereas the orthorhombic P and R phases are AFE. All phases existing at
temperatures above the R phase are paraelectric, displaying no spontaneous polarisation.
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Figure 5. Temperature-dependent phase transitions in NaNbO3.

As opposed to PbZrO3 or AgNbO3 [78,79], which exhibit distinctive double polari-
sation hysteresis loops at elevated temperatures and ambient temperatures, respectively,
pure NaNbO3 undergoes an irreversible phase transition from the AFE state to the FE
state [80,81]. Consequently, there is no known existence of steady double polarisation hys-
teresis loops in this NaNbO3. Research by Cross and Nicholson [82], Ulinzheev et al. [83],
and Miller et al. [84] into NaNbO3 crystals has shown that applying electric fields, both
parallel and perpendicular to the orthorhombic c axis, also known as the [110]PC direction,
induces phase transitions. However, while a double hysteresis loop can initially be ob-
served when a sufficiently strong electric field is applied perpendicular to the orthorhombic
c axis [85], subsequent electrical cycles lead to instability, causing the loop to become
indistinguishable from a typical FE loop. To date, there are no documented instances of
double polarisation hysteresis loops in pure polycrystalline NaNbO3 ceramics, highlighting
a significant difference in the behaviour of NaNbO3 compared to PbZrO3 or AgNbO3.

Recent studies reveal that polycrystalline NaNbO3 ceramics may display FE-type
polarisation hysteresis loops [86], or display loops that remain unopened [87], as depicted
in Figure 6. These phenomena are influenced by factors such as chemical composition [88],
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starting chemicals [89], and average grain size [90], which affect the stability between the
AFE P and the FE Q phase. Koruza et al. [90] found that a phase transition from AFE
to FE occurs in NaNbO3 ceramics when the average grain size is below 0.27 mm, due to
intragranular stresses.
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Li et al. [89] observed that the fraction of P and Q phases varies with different Nb2O5
precursors, with a higher fraction from orthorhombic precursors, indicating stress-induced
variations in phase amounts. Fan et al. [91] studied the impact of A site nonstoichiometry
on phase stability, finding that all samples retained the AFE phase, unaffected by variations
in Na content. M.-H. Zhang et al. [92] discovered that sintered NaNbO3 ceramics, using
orthorhombic Nb2O5 and with an average grain size of 8.9 mm, displayed a 100% AFE
phase, highlighting the critical role of grain size in phase composition.

4.3. Phase Manipulation in NaNbO3-Based Ceramics

Reproducing the initial experimental results on AFE in NaNbO3 proved challeng-
ing, primarily due to variations in contaminant levels in the samples. These variations
subtly affected the relative stability between the AFE and FE phases [82]. Structure anal-
ysis of NaNbO3 was challenged by the nearly identical energy profiles of the P (AFE)
and Q (FE) phases [77]. The isoenergetic relationship between these phases was con-
firmed through density functional theory (DFT) experiments [93]. The tolerance factor
of NaNbO3, approximately 0.967, prompted the investigation of solid solutions aimed at
reducing this factor, thereby favoring the P phase stabilisation [94]. Experimental stud-
ies on xCaZrO3 − (1− x)NaNbO3 [95] and xBiScO3 − (1− x)NaNbO3 [94] solid solutions
confirmed their AFE nature. Transmission electron microscopy (TEM) analysis of domain
configurations revealed that reducing the tolerance factor systematically diminishes the Q
phase, potentially stabilising a singular P phase. Although the precise mechanism remains
partially understood, it is recognised that incommensurate phases facilitate the electric-
field-induced AFE to FE transition. These intermediate phases play a critical role, acting as
a transitional bridge during polarisation reversal and the AFE to FE conversion in NaNbO3
solid solutions [96]. Doping has been identified as a stabiliser for the incommensurate
phase within the P phase region, a finding supported by analyses of polarisation current
density and differential dielectric permittivity anomalies. This incommensurate phase
is instrumental in the electric-field-induced polarisation reversal process, bridging the
transition from AFE to FE states in NaNbO3-based solid solutions [97].

Considerable effort has been devoted to chemically modified NaNbO3 to achieve
dual polarisation loops. Shimizu et al. proposed that the stability of the AFE order
could be enhanced by simultaneously reducing the Goldschmidt tolerance factor and
polarisability, taking into account the electronegativity differences in the new solid solu-
tions [95]. A study investigated the impact of measurement frequency on the P− E curves
for (0.94− x)NaNbO3 − 0.06BaZrO3 − xCaZrO3, with x = 0.04, as shown in Figure 7a [98].
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Increasing frequencies led to a lag in AFE-FE phase transition and domain wall motion, de-
creasing their polarisation contribution and thus lowering the Pmax. This was accompanied
by increased polarisation hysteresis under an electric field, increasing EF but decreasing EA.
In another system, 0.7NaNbO3 − 0.3AgTaO3 [99], the P− E loops, displayed in Figure 7b,
exhibited distinct behaviour under varying electric fields. Notably, the application of high
electric fields over 300 kV/cm resulted in reversible AFE-FE phase shifts, producing double
P− E loops with enhanced Pmax.
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5. Tailoring Energy Storage Performance in NaNbO3-Based Ceramics
5.1. Incorporation of MnO2

In 2023, Zhang et al. reported a strategy to enhance the energy storage properties
of NaNbO3-based ceramics, specifically 0.95NaNbO3 − 0.05SrSnO3(NN5SS), through the
incorporation of MnO2. This approach, inspired by techniques used in lead-based materials,
involves adding varying amounts of MnO2 to serve as an electron trap (Equations (7) to
(9)) [100]. Such a method has been previously documented to enhance the resistance of
other perovskites [101,102]. Notably, it is recognised that Mn exhibits a preference for
fewer oxidation states within perovskite structures [103]. The related reactions [100] are
as follows:

Mnx
Nb + e′ = Mn′Nb (7)

Mn′Nb + e′ = Mn′′Nb (8)

Mn′′Nb + e′ = Mn′′′Nb (9)

The modification of NaNbO3 by incorporating SrSnO3 induces an augmentation in
the local chemical disorder, thereby stabilising the AFE state [104]. Despite the tolerance
factor for NaNbO3(NN, 0.965) and 0.95NaNbO3 − 0.05SrSnO3(NN5SS, 0.964) samples be-
ing nearly identical, it is insufficient to solely rely on this metric for the stabilisation of AFE
order without additional analysis. As shown in Figure 8a,b, NN exhibits FE behaviour,
whereas NN5SS displays AFE-type double polarisation loops with a notable high remnant
polarisation of 13.9 µC/cm2, influenced by leakage current. This phenomenon occurs as
the NaNbO3 − SrSnO3 solid solution demonstrates n− type conductivity due to a predom-
inance of excess Sr over Na vacancies, in contrast to the p− type conductivity observed in
pure NaNbO3 [105].

The inclusion of MnO2 markedly reduces the dielectric loss, especially in the low-
frequency region, as illustrated in Figure 8g, and concurrently elevates the resistance, as
shown in Figure 8h. Consequently, the beneficial effect of the diminished quantity of charge
carriers on the double hysteresis loops is evidenced in Figure 8c. Unlike the unaltered
NN system, the modified samples exhibit a substantially lower remnant polarisation
of 3.2 µC/cm2, representing a ten-fold reduction compared to the original system. No
variation in phase transition behaviour is observed with an increase in Mn modification
from 0.1 wt% to 1 wt%. The sole alteration is an increase in the critical field required to
initiate the transition [100]. Energy storage efficiency improved from 21% in NN5SS to 33%
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in NN5SS_1.0Mn, yet remains low. Enhancing efficiency requires modifying polarisation
loop shapes to be much slimmer, reducing hysteresis, and dispersing critical transition
fields [106]. Figure 8d,e show that adjusting SrSnO3 substitution levels while maintaining
MnO2 content boosts efficiency significantly from 33% to about 90% in NN9SS_1.0Mn, as
emphasised in Figure 8f. In summary, MnO2 incorporation successfully suppresses mobile
charge carriers, drastically lowers Pr, and increases material resistance.
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Figure 8. The second electric field cycle at 1 Hz produced P − E loops for (a) NN, (b) NN5SS,
(c) NN5SS_0.1Mn and NN5SS_1.0Mn, (d) NN7SS_1.0Mn, and (e) NN9SS_1.0Mn; (f) recoverable
energy storage density and efficiency; (g) tanδ as a function of frequency; and (h) Nyquist plot of the
NN, NN5SS, NN5SS0.1Mn, and NN5SS_1.0Mn samples [100].

5.2. Chemical Doping

Enhancing the energy storage properties of NaNbO3-based ceramics through single-
site doping at either the A-site or B-site is seldom reported. In 2018, Zhou et al. reported an
approach to improve the energy storage capabilities of NaNbO3-based ceramics by adding
Bi2O3 [107]. This strategy potentially increases the Emax and reduces the Pr. Following
Bi2O3 addition, the dielectric constant shows relaxor-like frequency dispersion near room
temperature. The high Emax of ceramics is attributed to their dense microstructure and
uniform chemical composition. When the Emax reaches 351 kV/cm, the Pr nearly still zeroes.
Moreover, the hybridisation interaction between the 6p orbitals of Bi3+ and the 2p orbitals
of O2− results in significant polarisation, with peak values exceeding 35 µC/cm2. Ceramics
with a composition of Na0.7Bi0.1NbO3 achieve an impressive energy storage density of
4.03 J/cm3 at 250 kV/cm and an energy storage efficiency of 85.4%, as demonstrated in
Figure 9a,b [107].
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Figure 9. Schematic diagrams illustrating the enhancement of Jrec by adding Bi2O3 to NaNbO3:
(a) pure NaNbO3 ceramics exhibit low Jrec due to high Pr and small Emax; (b) Na1−3xBixNbO3

ceramics exhibit high Jrec due to low Pr and large Emax [107].

In 2022, L. Yang et al. significantly enhanced the energy storage properties of NaNbO3-
based ceramics through tantalum (Ta) doping. This modification reduced the dielectric
loss and increased volume resistivity by substituting Nb5+ cations with Ta5+ cations at
a concentration in the compound (Na0.8Bi0.1)(Nb0.9−xTaxTi0.1)O3 (where x = 0.15) [108].
Such improvements have also been observed in various niobate ceramics, underscoring
the broader applicability of this approach [109,110]. The improved volume resistivity of
these ceramics contributes significantly to energy economy and Emax in energy storage
applications [10]. The leakage current decreased after doping with 15% Ta5+ ions due
to an increased bandgap, especially under high electric fields. Impedance spectroscopy
revealed enhanced resistance both in the grains and at the grain boundaries, leading to an
increase in Emax from 367 kV/cm to 469 kV/cm. Remarkably, at 450 kV/cm, the ceramics
achieved a high recoverable energy density of 6.5 J/cm3 and an η of 94%, surpassing most
NaNbO3-based relaxor ceramics.

Additionally, these ceramic capacitors demonstrated excellent energy storage stability
and performance across a wide temperature range (−90 ◦C to 150 ◦C) and over 105 cycles,
as shown in Figure 10a,b [108]. The variation in P− E loops between −10 ◦C and 0 ◦C is
attributed to adsorbed moisture on the sample interfaces, with a noticeable drop in Pmax
as the measurement temperature increases. These findings underscore the suitability of
Ta-doped NaNbO3-based ceramics for practical energy storage applications, thanks to their
robust temperature stability and cycle-stable energy storage properties.
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Figure 10. (a) The relationship between recoverable energy density and electric field at 250 kV/cm as
a function of temperature is illustrated by the P− E loops obtained within an operating temperature
range of −90 ◦C to 150 ◦C. (b) The dependence of recoverable energy density and η on an electric
field strength of 250 kV/cm is demonstrated through P− E loops from measurements conducted
over several cycles, up to 105, at this field strength [108].
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5.3. Improving Energy Storage Properties of NaNbO3-Based Ceramics: Comprehensive
Strategy Summaries

Recent literature has highlighted a variety of lead-free NaNbO3-based materials no-
table for their high Jrec, as detailed in Table 1 with key sample preparation parameters
such as thickness and electrode size. Reducing both thickness and electrode size effec-
tively minimises the likelihood of detrimental defects, thereby increasing the Emax. This
method facilitates achieving substantial energy storage properties under high electric fields
(> 350 kV/cm), making it a preferred method among researchers striving for ultrahigh
Jrec in materials of identical composition. Furthermore, Jrec, being directly correlated with
the magnitude of the applied electric field, benefits from higher electric fields. However, to
enable a more detailed comparison of energy storage performance across different systems,
an analysis that normalises Jrec by the Emax is indispensable.

Table 1. Summary of energy storage properties of lead-free NaNbO3-based materials with key sample
preparation parameters.
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Na0.7Ag0.3Nb0.7Ta0.3O3 330 3.3 0.01 42.4 0.10 Bulk Ag,
3.14 mm2 2023 [99]

0.8NaNbO3 − 0.04CaZrO3 −
0.16Bi0.5Na0.5TiO3

400 3.7 0.009 82.1 0.029 MLCC Pt 2021 [111]

0.88NaNbO3 − 0.12Bi(Ni0.5Zr0.5)O3 500 4.90 0.010 ~72.0 0.15 ± 0.01 Bulk Ag,
0.785 mm2 2020 [112]

0.85NaNbO3 − 0.15Mg0.5Hf0.5O3 405 5.0 0.012 83.1 ~0.11 Bulk Au,
~3.14 mm2 2023 [113]

0.85NaNbO3 − 0.15CaZrO3 680 5.4 0.008 82 ~0.1 Bulk Ag,
~3.14 mm2 2023 [114]

0.7NaNbO3 − 0.3CaTiO3 560 5.52 0.010 83.3 0.1 Bulk Au 2022 [115]

0.95NaNbO3 − 0.05Bi
(
Mg0.5Sn0.5

)
O3 646 6.35 0.010 80.0 0.15 ± 0.01 Bulk Ag,

0.785 mm2 2022 [116]

0.8NaNbO3 − 0.2Bi(Ni0.5Hf0.5)O3 380 6.45 0.017 82.72 - Bulk - 2024 [117]

(Na0.8Bi0.1)(Nb0.75Ta0.15Ti0.1)O3 450 6.5 0.014 94.0 0.08 Bulk Au,
1.77 mm2 2022 [108]

Na0.7Bi0.1Nb0.9Ta0.1O3 560 6.68 0.012 90.5 0.15 Bulk Au,
3.14 mm2 2022 [118]

0.88NaNbO3 − 0.12CaZrO3 650 8.56 0.013 82.0 ∼0.1 Bulk Au,
~3.14 mm2 2022 [119]

0.8(0.92NaNbO3 − 0.08Bi(Ni0.5Zr0.5)O3)−
0.2(Bi0.5Na0.5)0.7Sr0.3TiO3(0.2BNST) 655 8.6 0.013 83.5 0.094 Bulk 3.14 mm2 2023 [120]

0.68NaNbO3 − 0.32(Bi0.5Li0.5)TiO3 480 ~8.73 ~0.018 ~80.1 0.12 Bulk Ag,
3.14 mm2 2021 [121]

0.85NaNbO3 − 0.15Ca0.7Sm0.2TiO3 800 9.1 0.011 80.1 0.035 Bulk Au,
3.14 mm2 2023 [122]

0.76NaNbO3 − 0.24(Bi 0.5Na0.5)TiO3 680 ~12.2 ~0.018 ~69.0 0.15 Bulk Ag,
7.07 mm2 2019 [123]

0.67NaNbO3 − 0.18(Bi0.5Na0.5)TiO3−
0.15Bi(Mg 0.5Hf0.5

)
O3

700 12.65 0.018 88.5 0.0055 MLCC 70 Ag/30 Pd 2024 [124]

NaNbO3 − (Bi0.8Sr0.2)(Fe0.9Nb0.1)O3 983 16.5 0.017 83.3 0.06–0.08 Bulk Ag,
0.785 mm2 2022 [125]

0.9NaNbO3 − 0.1BiFeO3 995 18.5 0.019 78.7 0.06–0.08 Bulk Ag,
0.785 mm2 2021 [126]
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It is worth noting that, compared to current lead-based materials with a remarkable
Jrec of 11.18 J/cm3 in PbZrO3-based bulk ceramics and an even larger Jrec of 12.6 J/cm3 in
PbZrO3-based multilayer ceramic capacitors (MLCCs) [127,128], lead-free NaNbO3-based
materials already exhibit a superior energy density exceeding 18 J/cm3, as shown in Table 1.
To further enhance the Jrec of NaNbO3-based ceramics, many strategies have been proposed,
such as microstructure modification [129,130], electrical property tuning [82], and phase
engineering [131,132].

5.3.1. Microstructure Modification

Examining the grain size of samples facilitates the microstructural tuning of sintered
ceramics. Field-emission scanning electron microscopy (FE-SEM) images are indispensable
for investigating these microstructures [42,133]. Figure 11a–e present the SEM images
of polished samples of 0.955NaNbO3 − 0.045La(Nb 0.33Mg0.67

)
O3 with varying additions

of MnO2 (0 wt%, 0.5 wt%, 1 wt%, 1.5 wt%, and 2 wt%) [134]. These images illustrate
that all samples exhibit a dense packing with minimal porosity. The addition of MnO2
resulted in a slight increase in grain size, attributed to the fluid phase facilitating atomic
mobility. Notably, the particle size in all samples remained below 1 µm, contributing to an
improvement in Emax.
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Figure 11. (a–e) SEM images of 0.955NaNbO3 − 0.045La(Nb 0.33Mg0.67
)
O3 with varying additions

of MnO2: (a) 0 wt% MnO2, (b) 0.5 wt% MnO2, (c) 1.0 wt% MnO2, (d) 1.5 wt% MnO2, (e) 2.0 wt%
MnO2 [134].
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Recent research has demonstrated that MLCC, which is constructed from a ceramic
film with a layered structure [132], exhibits exceptional energy storage performance. This
device is characterised by an ultrahigh Jrec and superior efficiency, in addition to exhibiting
outstanding temperature stability and fatigue resistance [124].

Figure 12a–c present a comparison of Etest−max, Jrec, and η values for 0.82NaNbO3 −
0.18(Bi0.5Na0.5)TiO3 (NN–BNT), 0.67NaNbO3 − 0.18(Bi0.5Na0.5)TiO3− 0.15Bi(Mg0.5Hf0.5

)
O3

(NN–BNT–15BMH) ceramic, and NN–BNT–15BMH MLCCs. The addition of BMH signifi-
cantly enhances the Etest−max in NN-BNT-15BMH ceramic samples. For MLCCs, reducing the
dielectric layer thickness to 5.5 µm with NN–BNT–15BMH composition achieves an Etest−max
of 1100 kV/cm, nearly doubling the value observed in bulk ceramics. Furthermore, NN–BNT–
15BMH MLCCs demonstrate an approximate 79.9% increase in Jrec compared to their ceramic
counterparts [124].
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(c) NN–BNT–15BMH MLCCs [124].

Additionally, NaNbO3 has been explored for its utility in energy storage materials
when integrated into polymer matrices to form ceramic–polymer composites. Pan et al.
discovered that high Jrec can be achieved in NaNbO3/PVDF composites by optimising the
composition of two-dimensional NaNbO3 produced via the molten-salt method [135]. The
composite exhibited a remarkable Jrec of 13.5 J/cm3 and a power density of 2.68 MW/cm3

at an electric field of 4000 kV/cm, underscoring the potential of NaNbO3 as a primary or
supplementary component in energy storage applications.

5.3.2. Electrical Property Tuning

The tuning of electrical properties is directly linked to factors such as the band gap,
conductivity, and electrical homogeneity. Lanfredi et al. conducted an investigation into the
conductive properties of NaNbO3 samples, which were synthesised using a wet chemical
approach and subsequently analysed via impedance spectroscopy [136]. This analytical
method facilitates the differentiation of grain boundary effects from the intrinsic properties
of the grains themselves, thereby providing detailed insights into the resistivity, electrical
homogeneity, and relaxation frequency [137,138]. Achieving a higher breakdown strength
in NaNbO3 necessitates the establishment of a substantial energy difference between the
conduction and valence bands, commonly referred to as the band gap. A larger band
gap is indicative of a lower likelihood of conductivity, underscoring the need for the
material to possess strong insulating characteristics while maintaining minimal conductiv-
ity [82,139,140]. Enhancing electrical homogeneity has been demonstrated to significantly
improve the Emax and, consequently, the Jrec in BiFeO3-based ceramics [141,142]. Although
NaNbO3-based ceramics generally exhibit electrical homogeneity, as evidenced by complex
impedance spectroscopy data presenting a singular semicircle in NN-BNT-15BMH (as
shown in ref. [124]), it is noteworthy that grain refinement within these ceramics markedly
increases the number of grain boundaries. This increase in grain boundaries leads to a
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pronounced rise in electrical resistance. The augmentation in resistance, in turn, enhances
the insulating properties of the ceramics, contributing to an elevated Emax.

5.3.3. Phase Engineering

It has been reported that forming NaNbO3-based solid solutions is a very promising
method for phase engineering, which aims for high energy storage performance generally
through inducing a relaxor state. This strategy significantly reduces Pr to achieve slimmer
P− E loops and enhances the Emax, leading to a higher Jrec.

As shown in Figure 13a,b, the compositions of NaNbO3-based materials that employed this
strategy exhibit relaxor-like characteristics, including broad dielectric anomalies with discernible
frequency dispersion [125,130] and slim polarisation hysteresis loops [115,143,144]. These
NaNbO3-based solid solutions exhibit slim loops with remanence significantly reduced—up to
ten-fold less—compared to pure NaNbO3, heralding superior energy storage capabilities relative
to conventional AFE materials due to the diminished electric-field-induced strain, especially
in the absence of pronounced phase transitions that would compel volumetric changes under
electric fields. Realising these advancements necessitates precise modifications to the local
structure and defect chemistry.
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Figure 13. (a) Temperature-dependent measurements of dielectric permittivity at various frequen-
cies for AFE samples of (1− x)NaNbO3 − x(Bi0.8Sr0.2)(Fe0.9Nb0.1)O3 [125]; (b) P − E loops for
(1− x)NaNbO3 − x(Bi0.8Sr0.2)(Fe0.9Nb0.1)O3 ceramics under 30 kV/mm at room temperature [125].

The phenomenon of relaxor behaviour has been identified as a contributor to facilitated
polarisation rotation within ceramic materials [145], enhancing energy density through
domain evaluation. External electric fields can reorient FE domains due to long-range
dipole ordering [146–148]. High-performance piezoelectric materials benefit from phase
barriers, which influence FE domain properties, reducing polarisation anisotropy and
energy barriers through the creation of small domain sizes and high domain wall densi-
ties [149,150]. This reduction is primarily due to spontaneous polarisation (Ps) induced
by lattice distortion, which is sensitive to external factors such as temperature, electric
fields, ion substitution, and mechanical stresses. Moreover, nanoscale Ps fluctuations result
in the formation of polar nanoregions (PNRs), exhibiting relaxor behaviour at the macro-
scopic level [151]. To enhance energy storage properties, the formation of PNRs has been
identified as an effective strategy for increasing the energy efficiency of NaNbO3-based
ceramics [100,121]. The relaxor behaviour of the NN9SS_1.0Mn sample is illustrated in
Figure 14a, with the presence of randomly distributed PNRs, each a few nm in size, further
substantiated by high-resolution transmission electron microscopy (HRTEM) images in Fig-
ure 14b. Additionally, small-box modeling of the X-ray pair distribution functions (PDFs),
shown in Figure 14c, reveals the local short-range structural order. These findings collec-
tively underscore the emergence of a relaxor state, marked by the development of PNRs
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due to compositional and microstructural disorder. This relaxor state is instrumental in
producing slimmer hysteresis loops and thereby enhancing energy storage efficiency [100].
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Importantly, NaNbO3-based materials that display relaxorlike behaviours, occasion-
ally termed “relaxor AFEs”, present an ambiguous relationship with AFE behaviour,
marked by a notable scarcity of superlattice reflection reports indicative of AFEs and
the lack of current peaks in the P− E loops that would signify field-induced transitions. A
comprehensive analysis of the crystal structure through in situ high-energy synchrotron
X-ray diffraction is anticipated to uncover the structural modifications correlating with
functional property changes induced by electric field application. It is established that a
reversible AFE–FE phase transition underpins the observed double polarisation hysteresis
loops. Should phase transitions be unverifiable, leading to an absence of double P− E
loops, it may be posited that transitioning the initial state—whether FE or AFE—to a relaxor
state could enhance energy storage density, offering a more advantageous approach than
categorising them strictly as “relaxor AFE” or “relaxor FE”.

6. Summary and Outlook

Over the past decade, there has been significant progress in developing environmen-
tally friendly, lead-free FEs in response to global environmental contamination and health
risks. AFE perovskite oxides, distinguished by their intricate structures and a plethora of
phase transitions, offer a compelling contrast to traditional FEs. However, despite their
intriguing properties and potential applications, the exploration of AFEs, especially those
exhibiting reversible AFE-FE transitions and lead-free variants such as NaNbO3, remains
nascent. A thorough grasp of crystal structure, phase structure, and microstructure is
crucial for developing new AFE compositions. Given the increased complexity of AFE
crystal structures compared to FEs, a multi-scale approach is essential to elucidate the
fundamental mechanisms of antiferroelectricity.

The development of novel NaNbO3-based AFE materials offers promising insights
into the nuanced features of AFEs and their interaction with FE orders, highlighting the
need for further theoretical research into the principles of antiferroelectricity in lead-free
AFEs. Despite the focus on lead-based materials like PbZrO3, the study of lead-free AFEs,
such as NaNbO3, is crucial for a deeper understanding of antiferroelectricity’s origins. To
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finely tune the balance between AFE and FE orders in polycrystalline NaNbO3, a better
grasp of phase transition behaviours in single crystals is essential. This understanding could
illuminate why the detection of double hysteresis loops is direction-dependent and whether
textured ceramics could stabilise the AFE order [82]. However, research on field-induced
phase transitions in high-quality alkaline niobate single crystals remains scarce [152].

The crystal structure and the dielectric properties of AFEs are comparable to those
of FEs. Furthermore, the presence of variable degrees of competition between AFE and
FE phases is almost ubiquitous in many compounds that are like them [153]. NaNbO3
undergoes a convoluted series of phase changes as a function of temperature, which poses
difficulties for the precise structural characterisation of the material. Even though various
investigations have been conducted, there are still debates regarding this material. In recent
years, significant advancements have been made in the development of chemically modi-
fied NaNbO3 compositions that exhibit reversible phase transitions. Chemical modification
is an effective method that can be utilised to adjust the phase stability of NaNbO3 [154].
Despite these strides, the detailed mechanisms underpinning the structural changes in
these materials are still only partially understood. Investigating the nucleation and growth
of the field-induced FE phase, along with phase boundary migration during phase tran-
sitions in these new ceramics, is of keen interest. These studies are complicated by the
processing sensitivities of the materials, including the hygroscopic nature of precursors,
limited sintering windows, and the high vapour pressure of alkalis, necessitating further
research on processing impacts.

The energy storage capabilities of NaNbO3-based ceramics can be significantly aug-
mented through the induction of relaxor-like characteristics, achieving a P− E loop devoid
of hysteresis and thereby maximising energy density. NaNbO3-based materials already
exhibit an Jrec exceeding 18 J/cm3, surpassing that of lead-based materials. This significant
achievement indicates that lead-free NaNbO3-based ceramics represent a viable alternative
to lead-based materials in electrostatic energy storage capacitors. With strategic compo-
sitional adjustments and advancements in synthesis techniques, there is strong potential
for further enhancing the Jrec of NaNbO3-based ceramics. Despite these advancements,
considerable challenges persist in resolving fundamental scientific inquiries. These include
establishing criteria for the stability assessment between FE and AFE states, tailoring energy
states for optimal performance, and precisely delineating the characteristics inherent to
AFE materials. Nonetheless, the continuous evolution of experimental and theoretical
research methodologies harbours a promising outlook for the development of lead-free
AFE materials endowed with superior energy storage capacities.

In the realm of energy storage capacitors, MLCCs boasting higher capacity and com-
pactness are pivotal for practical device applications. To address the demands of high-
voltage power electronics, development is required not only in dielectric materials but
also in the substitution of expensive electrodes like Ag and Pt with more cost-effective
alternatives such as Cu and Ni, ensuring compatibility. Thus, a significant challenge lies
in reducing the sintering temperature of NaNbO3-based ceramics without compromising
their properties. Additionally, the focus on temperature stability and long-term reliability
will be crucial for advancing NaNbO3-based electrostatic energy storage capacitors.
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37. Zhang, S.; Malič, B.; Li, J.-F.; Rödel, J. Lead-free ferroelectric materials: Prospective applications. J. Mater. Res. 2021, 36, 985–995.
[CrossRef]

38. Liu, Z.; Lu, T.; Ye, J.; Wang, G.; Dong, X.; Withers, R.; Liu, Y. Antiferroelectrics for energy storage applications: A review. Adv.
Mater. Technol. 2018, 3, 1800111. [CrossRef]

39. Gao, J.; Zhang, Y.; Zhao, L.; Lee, K.-Y.; Liu, Q.; Studer, A.; Hinterstein, M.; Zhang, S.; Li, J.-F. Enhanced antiferroelectric phase
stability in La-doped AgNbO3: Perspectives from the microstructure to energy storage properties. J. Mater. Chem. A 2019, 7,
2225–2232. [CrossRef]

40. Gao, J.; Liu, Q.; Dong, J.; Wang, X.; Zhang, S.; Li, J.-F. Local structure heterogeneity in Sm-doped AgNbO3 for improved
energy-storage performance. ACS Appl. Mater. Interfaces 2020, 12, 6097–6104. [CrossRef] [PubMed]

41. Gao, J.; Zhao, L.; Liu, Q.; Wang, X.; Zhang, S.; Li, J.F. Antiferroelectric-ferroelectric phase transition in lead-free AgNbO3 ceramics
for energy storage applications. J. Am. Ceram. Soc. 2018, 101, 5443–5450. [CrossRef]

42. Lu, Y.; Karaki, T.; Fujii, T. Hydrothermal synthesis of plate-like sodium niobate particles. Ceram. Int. 2015, 41, S174–S179.
[CrossRef]

43. Wang, J.; Wan, X.; Rao, Y.; Zhao, L.; Zhu, K. Hydrothermal synthesized AgNbO3 powders: Leading to greatly improved electric
breakdown strength in ceramics. J. Eur. Ceram. Soc. 2020, 40, 5589–5596. [CrossRef]

44. Vousden, P. The structure of ferroelectric sodium niobate at room temperature. Acta Crystallogr. 1951, 4, 545–551. [CrossRef]
45. Kittel, C. Theory of antiferroelectric crystals. Phys. Rev. 1951, 82, 729. [CrossRef]
46. Torres-Pardo, A.; Jiménez, R.; García-González, E.; González-Calbet, J.M. Phase coexistence in NaNb(1−x)TaxO3 materials with

enhanced dielectric properties. J. Mater. Chem. 2012, 22, 14938–14943. [CrossRef]
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Abstract: A facile, one-step nitridation–decomposition method was developed for the synthesis of
nanosized tungsten powder with a high surface area. This approach involved the nitridation of WO3

in NH3 to form mesoporous tungsten nitride (W2N), followed by in situ decomposition of W2N to
directly yield single-phase W particles. The phase and morphology evolution during the synthesis
were systematically investigated and compared with the carbothermal reduction of WO3. It was
revealed that powdered tungsten product with single-phase particles was obtained after nitridation
at 800 ◦C combined with in situ decomposition at 1000 ◦C, displaying an average particle size of
15 nm and a large specific surface area of 6.52 m2/g. Furthermore, the proposed method avoided the
limitations associated with intermediate phase formation and coarsening observed in carbothermal
reduction, which resulted in the growth of W particles up to ~4.4 µm in size. This work demonstrates
the potential of the nitridation–decomposition approach for the scalable and efficient synthesis of
high-quality, fine-grained tungsten powder.

Keywords: nanosized tungsten powder; powder processing; morphology evolution; in situ synthesis

1. Introduction

Tungsten (W) is considered to be an important structural material for high-temperature
applications. Tungsten possesses a melting point of 3422 ◦C [1,2], exceeding that of any
other pure metal, allowing it to withstand extreme thermal environments. Its high tensile
strength of 1725 MPa allows it to resist deformation and breakage under immense loads [3].
Furthermore, tungsten exhibits outstanding corrosion resistance, making it a valuable
material for applications involving harsh chemical environments [4]. Coupled with a low
thermal expansion coefficient (4.32 × 10−6 K−1 at 300 K), it can maintain its dimensions
with minimal change under significant temperature changes. This makes it ideal for
applications requiring dimensional stability in extreme environments, such as jet engine
components and nuclear reactors [5–7]. Moreover, ultrafine tungsten powder is the essential
raw material used for the production of ultrafine cemented carbides, widely used in the
printed circuit board industry as a component of micro-drilling tools [8,9].

Obtaining high-quality tungsten powder is a critical step in the fabrication of ad-
vanced tungsten-based materials [10,11]. The main challenge is focused on densifying the
material, often requiring a sintering temperature exceeding 2000 ◦C. Researchers have ex-
plored various methods to synthesize nanoscale tungsten powder, such as high-energy ball
milling [12,13], molten salt synthesis [14], and spray conversion processing [15]. Nanocrys-
talline tungsten powder has been fully densified at temperatures as low as 1400 ◦C via spark
plasma sintering, resulting in an ultrafine-grained microstructure and excellent mechanical
performance [16]. However, the most widely-used method is the traditional reduction
method [17,18], where tungsten powder is obtained from the reduction of tungsten oxide
or ammonium paratungstate (APT) under the flow of hydrogen (H2). Unfortunately, water
vapor produced by the reduction leads to an increase in particle size due to the formation of
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volatile WO2(OH)2, which transports tungsten through the gas phase and promotes particle
growth [19]. Therefore, reducing the particle size of the starting powder is a key strategy
to lower the densification temperature and achieve a controllable microstructure. This
necessitates the development of novel synthesis methods that circumvent the limitations of
the traditional hydrogen reduction approach.

As previously reported, a nitridation–carburization method was used to synthesize
ultrafine tungsten carbide (WC) powder, in which nitridation of WO3 using NH3 and car-
burization using CH4-H2 were conducted sequentially [20]. This two-step process involved
the sequential nitridation of WO3 using NH3 followed by carburization using CH4-H2.
Interestingly, the nitridation step resulted in the formation of W2N, which subsequently
transformed into WC powder through carburization at 800 ◦C. A WC powder was formed
with an impressively fine particle size of approximately 20–30 nm. The hypothesis sug-
gested that the initial formation of metallic tungsten occurred via the rapid decomposition
of W2N nanoparticles, a process significantly faster than WO3 reduction. Rather than the
growth and coarsening attributed to the existence of WO2(OH)2, as mentioned previously,
the particle size of WC was be maintained at the nanoscale due to the absence of H2O in the
reaction system. Inspired by this work, an in situ synthesis process was proposed to pro-
duce metallic tungsten powder, using a one-step nitridation–decomposition method. This
method involved the initial preparation of W2N intermediate through the nitridation of
WO3 in NH3, followed by in situ decomposition under an inert atmosphere. The phase and
morphological evolution throughout the process were studied. As an alternative method,
carbothermal reduction offers the advantages of faster reaction times due to the absence
of solid–gas reactions and generally low costs. In the present work, we also attempted to
produce tungsten powder via carbothermal reduction of WO3, and the morphology of the
final product and reaction mechanism are compared.

2. Experimental Procedures

A sol–gel route was employed to synthesize WO3 powder, starting from ammonium
metatungstate (Zhuzhou Cemented Carbide Group Corp. Ltd., Zhuzhou, China) and
anhydrous citric acid (Sinopharm Chemical Reagent Co., Ltd., Shanghai, China). After
gelation, drying, and calcination, nanosized WO3 precursor with an average particle size of
approximately 40 nm was obtained for the following process. More details regarding the
procedures can be found in a previous study [20].

The prepared WO3 powder was placed on a graphite boat and heat-treated in a
horizontal tube furnace under a constant flow of NH3 (600 mL/min) at 800 ◦C for 3 h
to facilitate complete nitridation. Following nitridation, the NH3 flow was immediately
switched to Ar (1000 mL/min) and the temperature was elevated to 900 ◦C and 1000 ◦C for
in situ decomposition of W2N to metallic W. The intermediate W2N after ammonolysis of
WO3 at 800 ◦C was also collected and characterized.

For carbothermal reduction, the molar ratio of WO3 to carbon black (purity: 99.9%,
Beijing Enoch technology Ltd., Beijing, China) was controlled at 1:2.9. The starting mixtures
were mixed for 24 h in a polyethene jar using Si3N4 balls and ethyl alcohol as a carrier
fluid. The slurry was dried in a rotary evaporator and then moved to a graphite element
resistance furnace; the temperature was increased to 1300 ◦C at 10 ◦C/min followed by a
dwell time of 3 h under vacuum.

The phase assemblage of the as-received powders was investigated using X-ray diffrac-
tion with Cu Kα radiation at 40 kV and 40 mA (XRD; Rigaku D/MAX-2 550V, Tokyo, Japan).
The mass fraction of W in the mixture of W2N/W was determined based on the relative
intensity of the strongest diffraction peak using the K value method [21]. The reference
intensity ratio of W2N (18.34) and W (18.00) was adopted from JCPDS Card nos. 25-1257
and 89-2767, respectively. Transmission electron microscopy (TEM; JEOL 2100F, JEOL Co.
Ltd., Tokyo, Japan) and scanning electron microscopy (SEM; LYRA 3 XMU, Tescan, USA)
were used to observe the powder morphology, where the powdered samples from both
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method were dispersed onto a Cu grid. The specific surface area was examined using the
BET method (ASAP 2010, Micromeritics, Norcross, USA).

3. Results and Discussion

XRD analysis (Figure 1a) confirmed the formation of pure tungsten product through
carbothermal reduction of WO3 at 1300 ◦C under vacuum, as evidenced by the presence of
only tungsten reflections matching JCPDS Card no. 89-2767. This indicated the absence
of residual oxides or unreacted starting materials. However, compared to the initial WO3
powder with an average particle size of ~40 nm [20], TEM images (Figure 1b) revealed
the coarsening of W particles after the reaction. The estimated particle size based on TEM
analysis was around 0.8 µm, which was further supported by the measured specific surface
area of 0.7 m2/g calculated using the following equation:

S =
6

D× ρ
(1)

where S denotes the surface area, D represents the particle diameter, and ρ is the density.
This corresponded to a theoretical particle diameter of 4.4 µm. Notably, the average particle
size observed in SEM images (seen in Figure 1c,d) was determined to be within the range
of 1–2 µm. Importantly, both XRD and SEM results confirmed the absence of any graphite
phase, indicating a complete reaction and no residual carbon black contamination. The
TEM observation (Figure 1b) reveals a finer particle structure compared to the SEM images,
primarily attributed to the dispersion of the powdered sample onto a Cu grid during TEM
sample preparation.
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In a previous study, flowing NH3 was utilized at 600 ◦C to produce W2N powder
through nitridation of WO3 [20]. To ensure complete nitridation of WO3 and prevent
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oxygen impurities, the nitridation temperature was increased to 800 ◦C. Figure 2 pre-
sented XRD patterns of the nitrided products, which illustrated phase evolution during
nitridation–decomposition of WO3 at various stages. The dominant phase of the product
after ammonolysis of WO3 at 800 ◦C was W2N, as evidenced in Figure 2a by characteristic
reflections at (111), (200), and (220). However, the presence of W at 2θ = 40.0◦ as a minor
phase in the product suggests simultaneous decomposition of the nitride intermediate
due to the relatively high temperature employed. The W mass fraction was calculated
to be 0.9 wt. %. In situ decomposition was subsequently performed by switching the
flowing gas from NH3 to Ar and further increasing the heat-treatment temperature to
900 ◦C and 1000 ◦C. As shown in Figure 2b,c, the intensity of W peaks gradually increased
with increasing temperature, while those of W2N decreased. Complete decomposition of
W2N to W was achieved at 1000 ◦C, as confirmed by the disappearance of W2N peaks in
Figure 2e. Importantly, no intermediate phases were observed during the decomposition
process (Figure 2a–e).
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The morphology of the W2N intermediate, obtained from the nitridation of WO3 at
800 ◦C for 3 h, is presented in Figure 3a. The particles possessed a near-spherical shape
with an average size of approximately 30 nm and exhibited slight agglomeration. Notably,
mesopores with a size of approximately 5 nm were observed within the particle structure, as
indicated by red arrows in Figure 3b, in contrast to the starting WO3. The unique formation
of mesoporous W2N was mainly attributed to the nitridation reaction.
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Tungsten powder derived from the in situ decomposition of W2N at 1000 ◦C was
analyzed, and the resulting morphology and particle size were investigated. As shown in
the TEM observation in Figure 4, the synthesized W powder exhibited a uniform particle
size of ~15 nm with narrow distribution. Furthermore, some elongated W particles were
observed, possibly originating from the mesoporous W2N particles. The specific surface
area of the W powder synthesized at 1000 ◦C was measured to be 6.52 m2/g, indicating
a relatively high surface area. In addition, Figure 4b also exhibits that the as-obtained
nanosized tungsten powder are bonded together to form some agglomeration. Notably, the
particle size of the W product obtained through nitridation–decomposition was smaller than
both the raw WO3 powder and the W product derived from the carbothermal reduction
(seen in Figure 1b). This highlighted the potential of this method for synthesizing high-
quality, nanosized tungsten powder.
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Figure 4. TEM images of W powder after in situ decomposition at 1000 ◦C in Ar atmosphere showing
(a) elongated particle, (b) agglomeration.
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Figure 5 illustrates a proposed mechanism for the morphology changes observed dur-
ing the nitridation of WO3. The initial stage involved the formation of a rigid surface layer
composed of interconnected W2N crystallites on the WO3 particle surface. Due to the great
density difference between W2N (18.1 g/cm3) and WO3 (7.28 g/cm3), a significant volume
reduction of up to 67% occurred during the conversion of WO3 to W2N. This newly formed
nitride layer likely restricted shrinking as the nitridation process continued, consequently,
leading to the formation of nanosized pores or cracks within the particles. The W2N
particles formed were comprised of nanocrystalline aggregates, where the mesoporous
structure formed within or between these aggregates, which can be observed in Figure 3b.
This hypothesis was supported by the variation in the specific surface area. Despite small
changes in overall particle size, the W2N powder exhibits a significantly higher specific
surface area (23.63 m2/g) compared to the starting WO3 powder (18.10 m2/g). This increase
suggests the development of internal porosity within the W2N particles, consistent with the
proposed mechanism. Due to the crack form within the particle itself, the newly-formed
tungsten featured a freshly exposed surface, leading to the formation of soft agglomerates
(seen in Figure 4). These agglomerates are expected to be easily broken apart, due to the
absence of the water vapor at high temperatures, which would result in the agglomerates
of tungsten product derived using the traditional hydrogen reduction method.
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tion process.

Although the overall mechanism of the carbothermal reduction reaction of tungsten
oxide can be expressed as WO3 + 3C = W + 3CO, the carbothermal reduction of WO3
to W proceeds through a multi-step reaction mechanism, as previously reported [22,23],
namely WO3 → WO2.72 → WO2 → W. In the initial stage, oxygen removal from WO3
forms intermediate oxides such as WO2.72, creating lattice defects that facilitate further
reduction. The subsequent reaction between WO2 and CO produces tungsten and CO2:

WO2 + 2CO→W + 2CO2.
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However, it was confirmed that a competing side reaction involving the spontaneous
disintegration of WO2 occurs simultaneously [24]:

2WO2 →W + WO3 + 0.5 O2.

WO2 was heat-treated under vacuum and WO3 was identified as the gas phase
according to the following reaction [25,26]:

3/2WO2(s)→ 1/x (WO3)x (g) + 1/2W (s).

During this process, the highly mobile gaseous WO3 phase underwent sublimation
and was deposited onto the surface of WO2 or carbon black particles as the carbothermal
reduction was occurring. The resulting gaseous (WO3)x species contributed to gas-phase
diffusion, potentially promoting tungsten particle coarsening via surface energy reduction.
Notably, achieving minimal carbon impurities often required non-stoichiometric ratios like
WO3:C = 1:2.9 (used in this study), which presented challenges in precise control due to
activity variations in the carbon source.

Unlike carbothermal reduction, the decomposition of W2N offered a direct route
to metallic W with a significantly smaller particle size. This faster process avoided the
growth of W particles through chemical vapor transport of tungsten-containing species,
as confirmed by the absence of intermediate phases during decomposition. Notably, the
direct conversion from nanosized W2N particles led to inherently smaller W particles
compared to the coarsening observed in carbothermal reduction. Table 1 lists the average
particle size of W powder obtained through both the nitridation–decomposition approach
and carbothermal reduction. The comparison clearly exhibits the particle refinement and
advantage for the proposed approach in the present work.

Table 1. Comparison of particle size and surface area of W powder from difference approaches.

Approach Particle Size (TEM) BET Surface Area Feature

Nitridation–decomposition ~15 nm 0.7 m2/g Coarsening

Carbothermal reduction 0.8 µm 6.52 m2/g Nano-aggregates; mesoporous

Synthesizing high-quality, fine-grained tungsten posed a significant challenge due to
the limitations of existing methods. This work directly addressed this need by presenting a
novel route for W2N decomposition, which overcame the drawbacks of particle coarsening
originating from intermediate species [26]. Our findings not only offer potential improve-
ments in the densification of tungsten but also open doors for applications demanding a
high surface area and precise control over tungsten nanostructures, for instance, in the
fields of catalysis [27], nanocomposites [28], and microelectronics [29]. Importantly, further
exploration of this method and optimizing reaction parameters and precursor properties
hold immense promise for developing an even more efficient and scalable synthesis of
fine-grained tungsten. This paves the way for broader adoption of this valuable material in
advanced technological applications across various fields.

4. Conclusions

This work successfully demonstrated the potential of an advanced nitridation–
carburization method for synthesizing high-quality, fine-grained tungsten powder. Com-
pared to traditional carbothermal reduction, the proposed method yielded W particles with
a significantly smaller and more uniform size distribution (~15 nm) and a considerably
higher surface area (6.52 m2/g). This approach offers intriguing possibilities for fabricating
advanced tungsten materials, particularly for applications requiring precise control over
microstructure and high surface area, such as plasma-facing components in fusion reactors.
Furthermore, the presented synthesis method aligns well with the growing demand for
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tailored powder materials with specific properties, driven by advancements in fabrication
technologies like 3D printing. The rapid processing time and superior product quality
suggest the potential for high material throughput upon scaling up the method. Future
research should explore the feasibility of integrating this approach with existing production
facilities in the cemented carbide industry, aiming to mature and adapt the technology for
large-scale production of fine-grained tungsten powder.
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Abstract: In this work, we analyze the electrical behavior of strontium ferromolybdate below room
temperature. We demonstrate that in SFMO ceramics, SFMO thin films deposited by pulsed laser
deposition including (100) and (111) textured thin films, as well as in nonstoichiometric SFMO
ceramics, an intergrain tunneling mechanism of charge carrier conduction leads to a decrease in
resistivity with increasing temperature in the low-temperature region. This intergrain tunneling can
be attributed to fluctuation-induced tunneling. On the other hand, bulk metallic resistivity of the
grains, which increases with temperature, becomes dominant at higher temperatures and magnetic
fluxes. The interplay of these conduction mechanisms leads to a resistivity minimum, i.e., a resistivity
upturn below the temperature of minimum resistivity. Several mechanisms have been discussed in
the literature to describe the low-temperature upturn in resistivity. Based on available literature data,
we propose a revised model describing the appearance of a low-temperature resistivity minimum in
SFMO ceramics by an interplay of fluctuation-induced tunneling and metallic conductivity. Addi-
tionally, we obtained that in the region of metallic conductivity at higher temperatures and magnetic
fluxes, the pre-factor Rm of the temperature-dependent term of metallic conductivity written as a
power law decreases exponentially with the temperature exponent m of this power law. Here, the
value of m is determined by the charge scattering mechanism.

Keywords: strontium ferromolybdate; electrical resistivity; low-temperature electrical behavior

1. Introduction

Strontium ferromolybdate (Sr2FeMoO6−δ, SFMO) double perovskites are promising
candidates for magnetic electrode materials for room-temperature spintronic applications,
because they have a half-metallic character (with theoretically 100% electron spin polar-
ization), present a high Curie temperature of about 420 K (magnets should be operated in
their ordered magnetic state below Curie temperature), and show a low-field magnetoresis-
tance [1].

Modern artificial intelligence (AI) text generators such as ChatGPT are based on
neural networks. The conventional complementary metal–oxide–semiconductor (CMOS)
neuron and synapse designs require numerous transistors and feedback mechanisms and
would be unsuitable for developing modern AI systems. Since the early developments
of neural network theory, magnetic materials have been used for modeling brain-like
systems. The main advantage of spintronics compared to other resistive memories for
neuromorphic computing is the possibility to induce complex and tunable resistance
dynamics through spin torque. Like other memory cells, they can switch between two
fixed states, allowing them to emulate synapses. Thus, neuromorphic spintronics aims to
develop spintronic hardware devices and circuits with brain-inspired principles [2], i.e.,
spintronics is a promising approach to neuromorphic computing as it potentially enables
energy-efficient and area-efficient embedded applications by mimicking key features of
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biological synapses and neurons with a single device instead of using multiple electronic
components [3,4].

The main reasons for the still missing wide application of SFMO is the low repro-
ducibility of its electrical and magnetic properties originating in the formation of point
defects and grain boundaries with a composition different from the bulk of the grains, as
well as its aging in contact with air and moisture.

The charge transport mechanisms of perovskites are strongly dependent on synthesis
conditions and, thus, on the microstructure of the material (single-crystalline, polycrys-
talline, grain size, nature of grain boundaries, and others) formed by its synthesis. SFMO
ceramics obtained by solid-state reactions using one and the same procedure were insulat-
ing, metallic, or in an intermediate state in dependence on the precursors and annealing
temperature and time [5]. In SFMO, the transport properties are dominated by spin-
polarized intergrain tunneling through insulating grain boundaries [6]. Therefore, the
transport properties will be different in ceramics, thin films, and single crystals. Single
crystals possess a 4 mm symmetry while ceramics have a ∞m one. Columnar thin films
will be in an intermediate state between 4 mm and ∞m symmetry. Consequently, the
interpretation of grain size parameters will be very different for each of these structures.
Under specific synthesis conditions, SFMO ceramics consist of SrMoO4 (SMO) intergrain
energy barriers between conductive bulks of SFMO grains induced by a small oxygen
excess during material fabrication [7]. Previously, we have shown that an appropriate
thermal treatment leads to the formation of dielectric SrMoO4 shells at the surface of SFMO
nanograins. The formation of thin insulating SrMoO4 surface layers suppresses the metallic
conductivity owing to the appearance of intergrain fluctuation-induced tunneling [8]. The
ease of forming SMO shells around SFMO grains during synthesis simply by excess oxygen
during synthesis makes SFMO an easy-to-fabricate, natural core–shell material.

Generally, several mechanisms have been discussed to interpret the low-temperature
resistivity upturn that was visible in experiments: (i) inelastic scattering of electrons by
impurity ions in impure metals [9], (ii) Kondo-like effects associated with dilute magnetic
impurities in a nonmagnetic host [10–14], (iii) quantum interference effects arising from
electron–electron interactions and weak localization [15–22], (iv) electron–electron inter-
action driven by Coulomb forces in a strongly correlated system [23], (v) spin-polarized
tunneling via grain boundaries in ceramic manganites [24], (vi) the competition of two
mechanisms—one contribution decreasing with temperature combined with another contri-
bution increasing with temperature [10,25], and (vii) two spin channels in SFMO connected
in parallel, where the spin-down channel is metallic (with a non-zero density of states at
the Fermi level), and the spin-up channel (with a gap in the band structure) behaves like a
semiconductor [26].

Several reports have considered an interplay of two mechanisms or a crossover be-
tween them [13,16,27]. However, a satisfactory description has not yet emerged and is still
under discussion.

The Kondo effect mentioned above was discovered by Jun Kondo in 1964 [10]. It
describes the scattering of conduction electrons in a metal due to the resonant interac-
tion between conduction charge carriers and the spin of localized magnetic impurity ions.
Kondo applied third-order perturbation theory to the problem of scattering of s-orbital con-
duction electrons by d-orbital electrons localized at impurities. Kondo’s approach predicted
a logarithmical increase in the scattering rate and the resulting part of the resistivity as the
temperature approaches absolute zero. This results in an anomalous upturn in resistivity at
low temperatures. Thereby, the steepness of the upturn is proportional to the impurity con-
centration. Considering an Fe3+-O-Fe4+ Kondo lattice in SFMO [28], the resistivity upturn,
which occurs in polycrystalline SFMO ceramics in the absence of a magnetic field [29], was
reproduced. However, the authors in [28] took into account only four data points of [29].
Considering all data points of [29], the agreement with the experimental data above 240 K
would become worse. In La2/3Sr1/3MnO3, the Kondo resistivity contributions are expected
to collapse at a magnetic flux density of about 13 T [27]. We excluded the Kondo effect
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as a possible cause since a frustrated spin-glass-like structure is present at the surfaces
of weakly connected ferromagnetic grains in cold-pressed polycrystalline SFMO [30]. In
this case, the spin degrees of freedom are completely frozen and, thus, internal degrees
of freedom are absent. The frustrated spin-glass structure leads to a strong exchange bias
effect, which is seen in the field-cooled magnetoresistance measurements [31]. Here, the
presence of a high field irreversibility starting below 235 K between the field-cooled and
zero-field-cooled curves at a magnetic flux of 1 T is attributed to a possible spin-glass
component at the distorted surfaces of nanoparticles obtained earlier in NiFe2O4 [32] and
La2/3Sr1/3MnO3 [33]. Other signatures for a frustrated spin-glass structure are a wider
hysteresis in magnetoresistance compared to that in magnetization [34,35] and the shift of
the low-temperature peak of the imaginary part of AC susceptibility to higher temperatures
with the increase in frequency [35,36].

Weak localization is a physical effect, which occurs in disordered electronic systems
at very low temperatures. The origin of weak localization is quantum interference of
back-scattered electrons. The effect manifests itself as a correction, ∆σ, to the conductiv-
ity (or correspondingly the resistivity) of a metal or semiconductor arising in the case
that the mean free path l is in the order of the Fermi wavelength λF = 2π/kF of the car-
rier wave functions with kF denoting the Fermi wave vector, i.e., kFl~1. Calculations of
kF were carried out assuming an electron density of ne = 1.1 × 1022 cm−3 [37], yield-
ing kF = (3πne)1/3 = 4.7 × 109 m−1 and λF = 0.913 nm. The experimentally obtained low-
temperature mean free path amounts to l(4 K) = 1.11 nm [38] (p. 72), in good agreement
with a value of l = h̄kF/nee2ρ0 = 0.975 nm where h̄ is the Planck constant expressed in J s
radian−1 and ρ0 the residual resistivity amounting to ρ0 = 1.8 × 10−6 Ωm [39]. A strong
magnetic field suppresses the contribution of weak localization [16]. In La2/3Sr1/3MnO3
thin films consisting of ZrO2 nanoparticles, weak localization vanishes at about 9 T [27]. In
ferromagnetic systems, including also ferrimagnetic SFMO, the nuclei already experience a
magnetic field without applying any external magnetic field. This is the hyperfine field
created by the electrons at the nuclei [40]. It describes the hyperfine interaction between
the magnetic moment of the nucleus and the magnetic moment of the electrons in the solid.
In SFMO, the hyperfine magnetic field amounts to about 30 T [41]. Thus, weak localization
may be excluded from consideration. Recently, we claimed the absence of weak localization
in SFMO since fluctuation-induced tunneling as well as adiabatic small polaron hopping
do not favor quantum interference. We concluded that the resistivity upturn behavior of
SFMO cannot be explained by weak localization [17].

The contribution of electron–electron interactions to the conductivity is similar to that
due to weak localization. In this case, the inelastic diffusion length should be replaced by
the thermal diffusion length LT = (h̄D/kT)1/2 and the coefficients are slightly modified [42].
Therefore, the large hyperfine magnetic field will also erase the electron–electron interaction
correction to resistivity. In La2/3(Sr,Ca)1/3MnO3 epitaxial thin films deposited on a (001)
LaAlO3 substrate where the appearance of a resistivity minimum was attributed to the
electron–electron interaction of the strongly correlated system, the resistivity upturn below
the temperature of minimum resistivity Tmin was largely unaffected by externally applied
fields up to 8 T. This is contrary to data of polycrystalline SFMO ceramics [29].

Spin-polarized intergrain tunneling in manganites was discovered by Hwang et al.
in 1996 [43]. The low-temperature resistivity minimum obtained in ceramic manganites
was found to explain charge carriers’ tunneling between antiferromagnetically coupled
grains [21]. The tunneling resistance between two FM grains was described by the theory of
tunneling conduction through the FM metal/nonmagnetic barrier/FM metal (fbf) junction
using the phenomenological expression [44]

ρ(T, B) =
ρfbf

1 + P2
〈
cos θij

〉 , (1)

where P is the degree of the spin polarization of the current carriers and θij is the angle
between the magnetization directions of the grains i and j:
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cos θij =
B=0
−L(|J|/kT). (2)

Here, L(x) = coth(x) − 1/x is the Langevin function and J the antiferromagnetic
interaction constant. Since the temperature dependence of the in-grain and grain boundary
magnetization is dominated by the spin-wave T3/2 terms at low temperatures, ρfbf was
taken as

ρfbf = ρ0 + ρ1.5T1.5, (3)

where ρ0 and ρ1 are parameters independent of B. The model parameters are then defined
from the requirement that in the case B = 0, Equation (1) fits the experimental data for
ρ(T,B = 0) in the range 4.3–50 K. For La0.5Pb0.5MnO3, the fitting parameters that reflect the
behavior of the experimentally obtained resistivity minimum were P = 0.697, |J|/k = 155 K,
ρ0 = 1.45 × 10−3 Ωm, and ρ1.5 = 1.026 × 10−6 ΩmK−3/2. In the case of SFMO, the param-
eter |J|/k is significantly lower than for manganites amounting to 47.6 K [37]. This
considerably lowers the depth of the resistivity minimum. Also, the resistivity parame-
ters ρ0 = 2 × 10−6 Ωm [39] and ρ1.5 ≈ 3 × 10−6 ΩmK−3/2 (estimated below) are different,
leading to a curve that increases with temperature. A resistivity minimum is obtained
only in the parameter range ρ1 ≈ 1.5–8 × 10−9 ΩmK−3/2, which does not correspond to
experimental data. Therefore, we disregard spin-polarized tunneling as the origin of the
resistivity minimum.

Spin-polarized tunneling between antiferromagnetically coupled grains in ceramic
manganites causes a resistivity upturn, which shifts to lower temperature with an in-
creasing magnetic field and disappears above a critical field value amounting to 1.5 T
for La0.5Pb0.5MnO3 [24]. The application of a magnetic field increases the probability of
electron tunneling through dielectric grain boundaries, thus decreasing the resistivity and
recovering the metallic conductivity of the nanograins. This leads to a decrease in the
upturn temperature as obtained for SFMO in [29]. It decreases from 180 K at 0.2 T to about
40 K at 7 T. Since the low-field magnetoresistance in polycrystalline perovskites is governed
by spin-polarized tunneling across grain boundaries [43], this provides a sufficient low-field
magnetoresistance promising for device application [1].

The decrease in the temperature Tmin of minimum resistivity with an increasing mag-
netic field also corresponds to the predictions of a model consisting of a series connection
of elastic and inelastic scattering mechanisms [21]. The elastic contribution was assumed
to arise from the scattering of holes by magnons without a spin flip whereas the inelastic
contribution was calculated as quantum correction to resistivity, taking the inverse of the
total scattering length as the geometric mean of the inverse phase coherence length and
the inverse magnetic length. We have analyzed the disappearance of the resistivity upturn
in SFMO with increasing magnetic flux density from resistivity data of polycrystalline
SFMO ceramics taken from [29]. Here, an exponential law, Tmin ∝ B−0.4, appeared, which is
unsuitable for defining a critical magnetic field.

An example of the competition of two resistivity contributions with opposite temper-
ature dependencies is on one hand thermally activated hopping and on the other hand
excitation to the mobility edge [45] proposed for La1−xSrxMnO3 [46]. For SFMO, another
model was considered consisting of a semiconductor-like thermally activated resistivity in
one spin channel in parallel to metallic conductivity in the other spin channel [26].

In this work, we propose a modified model describing the appearance of a low-
temperature resistivity upturn in SFMO ceramics by an interplay of two conductivity
mechanisms: (i) fluctuation-induced tunneling and (ii) metallic conductivity. It is based on
the thorough analysis and evaluation of literature data of conductivity behavior of SFMO.

2. Materials and Methods

The resistivity of SFMO thin films produced by pulsed laser deposition below 30 K
increases strictly logarithmically with decreasing temperature [38] (p. 64). Such a behav-
ior may be attributed either to the Kondo effect, weak localization, or electron–electron
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interaction [14]. However, we have ruled out all these mechanisms for strontium ferro-
molybdate above.

Near room temperature, two possible conduction mechanisms of nano-sized granular
SFMO were obtained that cannot be distinguished by experimental data [8]. The first one is
the Mott variable-range hopping describing a carrier transport in a disordered semiconduc-
tor or in an amorphous solid by charge carrier hopping between two spatially separated
states in an extended temperature range [45]. For three-dimensional conductance when the
Coulomb interaction between the carrier is negligible, the resistivity has a characteristic
temperature dependence of

ρ(T) = ρ0 exp
(

T0

T

)1/4
, (4)

with a characteristic temperature T0 in the order of a few 106 K. The value of T0 defines
the hopping activation energy and the mean hopping distance. Alternatively to Mott
variable-range hopping, the conductivity in this temperature region may be modeled by a
lnρ ∝ T−1/2 dependence derived for (i) two-dimensional conductance in the Mott variable-
range hopping model [45]; (ii) Efros–Shklovskii variable-range hopping, which accounts
for the Coulomb gap interaction of electrons in localized states that results in the creation
of the Coulomb gap near the Fermi energy [47]; or (iii) the low-field conductivity of fine
metallic particles dispersed in a dielectric matrix [48]. Note that at higher temperatures, the
Coulomb gap can be disregarded and Mott’s variable-range hopping comes into effect.

Above room temperature, the resistivity of SFMO ceramics annealed in a vacuum
was separated into three regions [49]: (i) from 300 K up to the Curie temperature of about
405 K where the electrical resistivity increases with temperature characteristic for metallic
behavior; (ii) above 405 K up to approximately 590 K where resistivity decreases with
temperature, which is attributed to a B-site disorder-induced weak Anderson localization
of the electrical carriers; and (iii) from 590 K up to 900 K where the resistivity of the material
becomes metallic again. On the other hand, the decrease in resistivity in SFMO above the
resistivity maximum around Curie temperature was attributed to adiabatic small polaron
hopping [17] and not to localization effects as originally suggested [49].

Another report of the electrical resistivity of SFMO [50] indicates metallic conduction
behavior below 420 K, the localization of the carriers in the temperature range 420–820 K,
and reversion to metallic conduction behavior between 820 K and 1120 K.

In the absence of a magnetic field, the temperature dependence of the conductivity
of SFMO ceramics [29] was well described by the fluctuation-induced tunneling (FIT)
model [51], e.g., by the presence of conducting grains separated by nano-sized energy bar-
riers where large thermal voltage fluctuations occur when the capacitance of an intergrain
junction is in the order of 0.1 fF. Nano-sized energy barriers with a barrier width of a few
nanometers and a barrier area of several hundred square micrometers usually occur at grain
surfaces in cold-pressed ceramics or ceramics thermally treated under oxidation conditions.

Below 500 K, monocrystalline, half-metallic SFMO exhibits a resistivity, ρ(T), increasing
with temperature as

ρ(T) = ρ0 + RlTl , (5)

where ρ0 = 1.8 × 10−6 Ωm is the residual metallic resistivity, l = 2 near room temperature
and R2 = 2.16 × 10−11 ΩmK−2 [37,39]. A low-temperature upturn of the resistivity is
missing in single-crystal SFMO due to the absence of intergrain boundaries character-
istic for ceramics. The T2 dependence suggests that resistivity is dominated by either
electron–electron scattering [39,52] or spin-wave scattering [39]. At higher temperatures
up to the Curie temperature TC, other charge scattering mechanisms come into play that
can be considered in Equation (1) by additional terms:

ρ(T) = ρ0 + R2T2 + ∑
l

RlTl . (6)

180



Ceramics 2024, 7

A term with l = 2.5 represents the combination of electron–electron, electron–phonon,
and electron–magnon scattering [53], an l = 3 term stands for the scattering with anomalous
single magnons in half-metallic systems [54], an l = 3.5 one stands for the scattering with
spin-waves for low temperatures [55,56], and an l = 4.5 term describes electron–magnon
scattering. The latter was derived in the double-exchange theory at low temperatures [57]
but was experimentally observed at elevated temperatures of 200–350 K [52]. Alterna-
tively, the l = 4.5 term was attributed to spin-wave scattering [58]. An l = 5 term was
attributed to acoustic phonon scattering [59]. Additionally, there is a term related to optical
phonon scattering:

ρ(T) ∝
ωs

sinh2(}ωs/2kT)
, (7)

where ωs is the average frequency of the softest optical mode, which is consistent with
small polaron coherent motion involving relaxation [60], and k is the Boltzmann constant.

Unfortunately, none of these models fit to the experimental data of SFMO thin films in
the whole temperature range. However, according to [26], the electron–electron scattering
model seems to be appropriate in a broader temperature range. In general, the metallic
resistivity of SFMO can be modeled by the equation

ρ(T) = ρ0 + RmTm, (8)

where m is a fitting parameter that represents an averaged value of the above-mentioned
contributions of charge scattering mechanisms characterized by the parameter l.

The FIT model describes conducting grains separated by energy barriers that are
subjected to large thermal fluctuations, e.g., carbon-polyvinylchloride composites, con-
sisting of aggregates of carbon spheres [51]. The tunneling occurs between large metallic
grains across insulating barriers with width w and area A. It is specified by two parameters,
temperature T1 and a normalized temperature, T0. T1 characterizes the electrostatic energy
of a parabolic potential barrier:

kT1 =
A · w · εoE2

0
2

. (9)

Here, ε0 is the vacuum permittivity. The characteristic electric field strength E0 is
determined by the barrier height V0:

E0 =
4V0

e · w . (10)

with e the electron charge. The normalized temperature T0 relates T1 to the tunneling constant:

T0 = T1 ·
(πχw

2

)−1
, (11)

with the reciprocal localization length of the wave function

χ =

√
2meV0

}2 , (12)

where me is the electron mass. The resulting electrical conductivity in this model is then
given by [51]:

σ(T) = σ0,FIT exp
(
− T1

T0 + T

)
. (13)

Note that the original derivation of Equation (13) considers conductivity, meaning
the inverse of resistivity. For SFMO, the characteristic field strength E0 of the fluctuation-
induced tunneling model is nearly independent of temperature and amounts to
4.07 × 104 Vm−1 [61], while V0 is in the order of 10 meV and w in the range of 1–3 nm [8,61].
Equation (13) demonstrates that the FIT model links the temperature-independent tunnel-
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ing conductivity [62] with a temperature-dependent conductivity obtained for tunneling of
spin-polarized electrons in granular metal films [63]. The FIT model was recently applied
to intergrain tunneling in polycrystalline SFMO ceramics [64], in half-metallic double-
perovskite Sr2BB’O6 (BB’—FeMo, FeRe, CrMo, CrW, CrRe) ceramics [65], in Ba2FeMoO6
thin films [66], and in nano-sized SFMO ceramics fabricated by the citrate-gel technique [8].
Surprisingly, we obtained recently [17] that the FIT model satisfactorily describes conduc-
tivity behavior of polycrystalline SFMO ceramics in the absence of a magnetic field [29].
In this work, we extend this analysis to other literature data and include the presence of a
magnetic field.

3. Results and Discussion

In [26], SFMO was considered as a system with two spin channels connected in parallel.
The spin-down channel is metallic and the spin-up channel with a gap in the band structure
behaves like a semiconductor. The band gap of the SFMO spin-up band is small enough
so that the temperature can excite electrons to the conduction band. The total resistivity
is formed by the resistivity of the semiconductive spin channel including some residual
resistivity from impurities as well as defects and the resistivity of the metallic spin channel.
The Eg values reported in [26] were less than 10 meV, except for a film with higher saturation
magnetization with Eg = 47.3 meV. The latter was deposited at slightly higher pressure
(11 Pa compared to 9 Pa) and in a more oxidizing atmosphere with a reduced 5%H2/Ar
flow. These Eg values are significantly smaller than the majority of spin-up band gap in
SFMO, amounting to about 0.8 eV [67]. They are in the order of the parameter ∆ describing
the spin-dependent tunneling for Co-Al-O insulating granular film [68] and lie in the
order of the barrier V0 of fluctuation-induced tunneling [8,61]. Therefore, we postulate
that the low-temperature conductivity mechanism with high probability originates from
intergranular tunneling. In contrast, the conductivity at mediate temperature can be
attributed to metallic conductivity.

In the following, we will consider a brick model consisting of cube-shaped grains
with metallic conductivity covered at the surface by grain boundaries creating nano-sized
intergrain tunneling barriers. Here, two types of grain boundaries appear, namely one with
a normal vector parallel to the applied field (perpendicular boundaries) and another one
with a normal vector perpendicular to the applied field (parallel boundaries). The corre-
sponding DC equivalent circuit is an intragrain resistance in parallel with the intergrain
resistance of parallel grain boundaries and a series connection of this parallel circuit with
the intergrain resistance of perpendicular grain boundaries [69]. In our case, the series inter-
grain resistance of perpendicular grain boundaries may be neglected since—with regard to
a very small barrier height in the order of 10 meV—a bias of already a few mV sufficiently
increases the tunneling current and, thus, decreases the barrier resistance. Contrarily, the
resistance of parallel boundaries remains high since the normal vector of the grain bound-
ary is along an equipotential line. Following [69], we obtain a temperature-dependent
conductivity of

σ(T) = [ρ0 + RmTm]−1 +
2w
d

σ0,FIT exp
(
− T1

T0 + T

)
, (14)

where w is the barrier width and d the grain size amounting for nano-sized SFMO ceramics
fabricated by the citrate-gel method; w = 1.24 nm and d = 75 nm [8]. Unfortunately, only
a few publications provide values of both w and d. When matching the FIT model and
metallic conductivities, the inverse of the metallic residual resistivity corresponds to the
FIT model conductivity for temperature and barrier height tending to zero. Thus, we
introduce for the sake of simplicity an effective model resistivity, ρ0 = 1/σ0,FIT, which is
valid for 2w/d ≈ 1. In the following, we are considering a resistivity minimum arising
from the competition of two contributions, one of which is fluctuation-induced tunneling
dominating the resistivity at low temperatures and low magnetic fields and the other one
is metallic conductivity leading to a growing conductivity with increasing temperature. To
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confirm this, we will now analyze available literature data with respect to the parameters
of electrical conductivity. Figure 1 shows resistivity data of polycrystalline SFMO ceramics
fabricated by the solid-state reaction technique [29]. The solid lines are curves fitting these
data to the model of this work, Equation (14). Table 1 compiles the model parameters of
various SFMO materials. Corresponding fits for SFMO thin films deposited by pulse laser
deposition are depicted in Figure 2.
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Table 1. Fit parameters for Equation (14) of various SFMO materials.

SFMO Material B, T T1, K T0, K 1/ρ0, S/m m Rm, ΘmK−m Ref.

Sintered 1

polycrystalline
SFMO ceramics

0 362.2 180.7 0.28 1.24 7.84 × 10−4

[29]

0.2 341.9 102.5 0.34 1.41 5.13 × 10−4

0.5 265.4 67.7 0.36 1.44 6.50 × 10−4

1 323.7 77.6 0.38 1.59 2.43 × 10−4

3 362.3 75.5 0.42 1.75 9.82 × 10−5

7 323.1 62.0 0.44 1.80 9.28 × 10−5

SFMO ceramics 1 0 1541.7 492.6 14.6 3 1.19 × 10−9 [70]

Thin film 2 0 1272.5 509.3 26.0 2.72 9.76 × 10−9
[71]

8 2003.8 831.6 28.2 2.40 5.20 × 10−8

Thin film 2 0 88.0 84.5 42.1 2.9 1.93 × 10−9 [72]
1 Sintered 2 h at 1200 ◦C in 1 % H2/Ar, 2 deposited by pulse laser deposition.

Figure 3 demonstrates that model Equation (14) is also valid for the data of ordered,
nonstoichiometric SFMO ceramics prepared by a solid-state reaction at 900 ◦C and sintered
at 1280 ◦C for 12 h in a stream of 5%H2/Ar [74].
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The ratio T1/T0 defines a value of the product χw of the reciprocal localization length
of the wave function χ and barrier width w. Since the value of the tunnel barrier height
V0 depends on the nature and configuration of chemical bonds in the intergrain area, the
differences in V0 for different SFMO materials should be small. For given values of V0, the
value of χ can be calculated by means of Equation (12). The barrier width w then defines
T1/T0 via Equation (11). In the first case, the magnetic flux dependence on V0 should be
taken into account that follows the relation [75]

V0(B) = V0(0)− βB + γB2 (15)

with β = 1.16 meV/T and γ = 0.04 meV/T2 [76]. This results in a ratio, T1/T0, that decreases
slightly as the magnetic flux increases. This is in qualitative agreement with the ratios T1/T0
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derived from experimental data [71,73] (cf. Table 1). On the other hand, this contradicts the
data derived from [29], where T1/T0 increases with magnetic flux.

For metallic conductivity, the values of Rm and m in Equation (8) are correlated [77].
In our case, this is illustrated in Figure 4, showing an exponential decrease in Rm with m.
Note that Figure 4 yields for m = 1.5 a value of ρ1.5 ≈ 3 × 10−6 ΩmK−3/2 which is required
in Equation (3).
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4. Conclusions

In this work, we propose a novel explanation of the low-temperature resistivity min-
imum in ceramic strontium ferromolybdate ceramics possessing nano-sized intergrain
barriers that is in agreement with given experimental data from various publications. Ac-
cording to our findings, the resistivity upturn is not caused by a semiconductor–metallic
transition, but it can be attributed to intergrain fluctuation-induced tunneling dominating
at low temperatures the conductivity of the considered SFMO ceramics. Based on known
analytical approaches, a modified model, Equation (14), of the total conductivity of granular
ceramics was derived. This model is shown to be valid for cold-pressed SFMO ceramics
as well as SFMO ceramics thermally treated under oxidation conditions, SFMO thin films
deposited by pulsed laser deposition including (100) and (111) textured thin films, and
nonstoichiometric SFMO ceramics. In the region of metallic conductivity at elevated tem-
peratures and higher magnetic fluxes, the pre-factor Rm of the temperature-dependent term
of metallic conductivity written as a power law decreases exponentially with the exponent
m of this power law. Here, the value of m is determined by the charge scattering mechanism.

Author Contributions: Conceptualization, G.S.; methodology, G.S.; software, E.A.; validation, E.A.
and G.G.; formal analysis, E.A.; investigation, G.S. and E.A.; resources, G.G.; data curation, E.A.;
writing—original draft preparation, G.S.; writing—review and editing, E.A. and G.G.; visualization,
E.A.; supervision, G.G.; project administration, G.S. and G.G.; funding acquisition, G.S. and G.G. All
authors have read and agreed to the published version of the manuscript.

Funding: This work was funded by the EU project H2020-MSCA-RISE-2017-778308-SPINMULTIFILM.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

185



Ceramics 2024, 7

Data Availability Statement: The original contributions presented in the study are included in the
article; further inquiries can be directed to the corresponding author.

Conflicts of Interest: The authors declare no conflicts of interest.

References
1. Suchaneck, G.; Kalanda, N.; Artsiukh, E.; Gerlach, G. Challenges in Sr2FeMoO6-δ thin film deposition. Phys. Status Solidi B 2020,

257, 1900312. [CrossRef]
2. Grollier, J.; Querlioz, D.; Stiles, M.D. Spintronic nanodevices for bioinspired computing. Proc. IEEE 2024, 104, 2024–2039.

[CrossRef] [PubMed]
3. Mishra, R.; Kumar, D.; Yang, H. Oxygen-migration-based spintronic device emulating a biological synapse. Phys. Rev. Appl. 2019,

11, 054065. [CrossRef]
4. Zhou, J.; Zhao, T.; Shu, X.; Liu, L.; Lin, W.; Chen, S.; Shi, S.; Yan, X.; Liu, X.; Chen, J. Spin–orbit torque-induced domain nucleation

for neuromorphic computing. Adv. Mater. 2021, 33, 2103672. [CrossRef] [PubMed]
5. Chmaissem, O.; Kruk, R.; Dabrowski, B.; Brown, D.E.; Xiong, X.; Kolesnik, S.; Jorgensen, J.D.; Kimball, C.W. Structural phase

transition and the electronic and magnetic properties of Sr2FeMoO6. Phys. Rev. B Condens. Matter Mater. Phys. 2000, 62,
14197–14206. [CrossRef]

6. Kim, T.H.; Uehara, M.; Cheong, S.-W.; Lee, S. Large room-temperature intergrain magnetoresistance in double perovskite
SrFe1-x(Mo or Re)xO3. Appl. Phys. Lett. 1999, 74, 1737–1739. [CrossRef]

7. Niebieskikwiat, D.; Caneiro, A.; Sánchez, R.D.; Fontcuberta, J. Oxygen-induced grain boundary effects on magnetotransport
properties of Sr2FeMoO6+δ. Phys. Rev. B Condens. Matter Mater. Phys. 2001, 64, 180406. [CrossRef]

8. Suchaneck, G.; Kalanda, N.; Artiukh, E.; Yarmolich, M.; Sobolev, N.A. Tunneling conduction mechanisms in strontium ferro-
molybdate ceramics with strontium molybdate dielectric intergrain barriers. J. Alloys Comp. 2020, 860, 158526. [CrossRef]

9. Takayama, H. Electron-phonon interaction in impure metals. Z. Phys. 1973, 263, 329–340. [CrossRef]
10. Kondo, J. Resistance minimum in dilute magnetic alloys. Prog. Theor. Phys. 1964, 32, 37–49. [CrossRef]
11. Matsushita, Y.; Bluhm, H.; Geballe, T.H.; Fisher, I.R. Evidence for charge Kondo effect in superconducting Tl-doped PbTe. Phys.

Rev. Lett. 2005, 94, 157002. [CrossRef] [PubMed]
12. Hien-Hoang, V.; Chung, N.-K.; Kim, H.J. Electrical transport properties and Kondo effect in La1−xPrxNiO3−δ thin films. Sci. Rep.

2021, 11, 5391. [CrossRef] [PubMed]
13. Syskakis, E.; Choudalakis, G.; Papastaikoudis, C. Crossover between Kondo and electron–electron interaction effects in

La0.75Sr0.20MnO3 manganite doped with Co impurities? J. Phys. Condens. Matter 2003, 15, 7735–7749. [CrossRef]
14. Wang, Y.; Xie, C.; Li, J.; Du, Z.; Cao, L.; Han, Y.; Zu, L.; Zhang, H.; Zhu, H.; Zhang, X.; et al. Weak Kondo effect in the

monocrystalline transition metal dichalcogenide ZrTe2. Phys. Rev. B Condens. Matter Mater. Phys. 2021, 103, 174418. [CrossRef]
15. Lee, P.A.; Ramakrishnan, T.V. Disordered electronic systems. Rev. Mod. Phys. 1985, 57, 287–337. [CrossRef]
16. Ziese, M. Searching for quantum interference effects in La0.7Ca0.3MnO3 films on SrTiO3. Phys. Rev. B Condens. Matter Mater. Phys.

2003, 68, 132411. [CrossRef]
17. Suchaneck, G.; Artiukh, E. Absence of weak localization effects in strontium ferromolybdate. Appl. Sci. 2023, 13, 7096. [CrossRef]
18. Maritato, L.; Adamo, C.; Barone, C.; De Luca, G.M.; Galdi, A.; Orgiani, P.; Petrov, A.Y. Low-temperature resistivity of

La0.7Sr0.3MnO3 ultra thin films: Role of quantum interference effects. Phys. Rev. B Condens. Matter Mater. Phys. 2006,
73, 094456. [CrossRef]

19. Kumar, D.; Sankar, J.; Narayan, J.; Singh, R.K.; Majumdar, A.K. Low-temperature resistivity minima in colossal magnetore-sistive
La0.7Ca0.3MnO3 thin films. Phys. Rev. B Condens. Matter Mater. Phys. 2002, 65, 094407. [CrossRef]

20. Herranz, G.; Sánchez, F.; Fontcuberta, J.; Laukhin, V.; Galibert, J.; García-Cuenca, M.V.; Ferrater, C.; Varela, M. Magnetic field
effect on quantum corrections to the low-temperature conductivity in metallic perovskite oxides. Phys. Rev. B Condens. Matter
Mater. Phys. 2005, 72, 014457. [CrossRef]

21. Auslender, M.; Kar’kin, A.E.; Rozenberg, E. Low-temperature resistivity minima in single-crystalline and ceramic La0.8Sr0.2MnO3:
Mesoscopic transport and intergranular tunneling. J. Appl. Phys. 2001, 89, 6639–6641. [CrossRef]

22. Kalanda, N.; Demyanov, S.; Yarmolich, M.; Petrov, A.; Sobolev, N. Electric transport characteristics of Sr2FeMoO6–δ ceramics with
structurally inhomogeneous surfaces. In Workshop Book, Proceedings of the 2nd International Workshop on Advanced Magnetic Oxides
(IWAMO), Aveiro, Portugal, 24–25 November 2021; Department of Physic of the University of Aveiro: Aveiro, Portugal, 2021; p. 24.

23. Zhang, J.; Xu, Y.; Yu, L.; Cao, S.; Zhao, Y. Resistivity minimum and the electronic strongly correlation characteristic for
La2/3Sr1/3MnO3 thin film. Physica B 2008, 403, 1471–1473. [CrossRef]

24. Rozenberg, E.; Auslender, M.; Felner, I.; Gorodetsky, G. Low-temperature resistivity minimum in ceramic manganites. J. Appl.
Phys. 2000, 88, 2578–2582. [CrossRef]

25. Barman, A.; Ghosh, M.; Biswas, S.; De, S.K.; Chatterjee, S. Electrical and magnetic properties of La0.7-xYxSr0.3MnO3 (0 ≤ x ≤ 0:2)
perovskite at low temperature. J. Phys. Condens. Matter 1998, 10, 9799–9811. [CrossRef]

26. Saloaro, M.; Majumdar, S.; Huhtinen, H.; Paturi, P. Absence of traditional magnetoresistivity mechanisms in Sr2FeMoO6 thin
films grown on SrTiO3, MgO and NdGaO3 substrates. J. Phys. Condens. Matter 2012, 24, 366003. [CrossRef] [PubMed]

186



Ceramics 2024, 7

27. Gao, Y.; Cao, G.; Zhang, J.; Habermeier, H.-U. Intrinsic and precipitate-induced quantum corrections to conductivity in
La2/3Sr1/3MnO3 thin films. Phys. Rev. B Condens. Matter Mater. Phys. 2012, 85, 195128. [CrossRef]

28. Koo, J.H.; Kim, J.-H.; Yu, D.G.; Cho, G. Magnetoresistance in double-perovskite structure for Sr2FeMoO6. Mod. Phys. Lett. B 2007,
21, 1593–1598. [CrossRef]

29. Kobayashi, K.I.; Kimura, T.; Sawada, H.; Terakura, K.; Tokura, Y. Room-temperature magnetoresistance in an oxide material with
an ordered double-perovskite structure. Nature 1998, 395, 677–680. [CrossRef]

30. Nag, A.; Jana, S.; Middley, S.; Ray, S. The many facets of tunneling magnetoresistance in Sr2FeMoO6. Indian J. Phys. 2017, 91,
883–893. [CrossRef]

31. Middey, S.; Jana, S.; Ray, S. Surface spin-glass and exchange bias in nanoparticle. J. Appl. Phys. 2010, 108, 043918. [CrossRef]
32. Kodama, R.H.; Berkowitz, A.E.; McNiff, E.J., Jr.; Foner, S. Surface spin disorder in NiFe2O4 nanoparticles. Phys. Rev. Lett. 1996, 77,

394–397. [CrossRef] [PubMed]
33. Zhu, T.; Shen, B.G.; Sun, J.R.; Zhao, H.W.; Zhan, W.S. Surface spin-glass behavior in La2/3Sr1/3MnO3 nanoparticles. Appl. Phys.

Lett. 2001, 78, 3863–3865. [CrossRef]
34. Sarma, D.D.; Ray, S.; Tanaka, K.; Kobayashi, M.; Fujimori, A.; Sanyal, P.; Krishnamurthy, H.R.; Dasgupta, C. Intergranular

magnetoresistance in Sr2FeMoO6 from a magnetic tunnel barrier mechanism across Grain Boundaries. Phys. Rev Lett. 2007, 98,
20157205. [CrossRef] [PubMed]

35. Ray, S.; Middey, S.; Jana, S.; Banerjee, A.; Sanyal, P.; Rawat, R.; Gregoratti, L.; Sarma, D.D. Origin of the unconventional
magnetoresistance in Sr2FeMoO6. Europhys. Lett. 2011, 94, 47007. [CrossRef]

36. Poddar, A.; Bhowmik, R.N.; Muthuselvam, I.P.; Das, N. Evidence of disorder induced magnetic spin glass phase in Sr2FeMoO6
double perovskite. J. Appl. Phys. 2009, 106, 073908. [CrossRef]

37. Tomioka, Y.; Okuda, T.; Okimoto, Y.; Kumai, R.; Kobayashi, K.; Tokura, Y. Magnetic and electronic properties of a single crystal of
ordered double perovskite. Phys. Rev. B Condens. Matter Mater. Phys. 2000, 61, 422–427. [CrossRef]

38. Westerburg, W. Spinpolarisierter Transport in Epitaktischen Manganoxid- und Doppelperowskitschichten. PhD Thesis, Depart-
ment of Physics in the Johannes Gutenberg-University Mainz, Mainz, Germany, 2000. [CrossRef]

39. Yanagihara, H.; Salamon, M.B.; Lyanda-Geller, Y.; Xu, S.; Moritomo, Y. Magnetotransport in double perovskite (formula presented)
role of magnetic and nonmagnetic disorder. Phys. Rev. B Condens. Matter Mater. Phys. 2001, 64, 214407. [CrossRef]

40. Akai, H.; Akai, M.; Blügel, S.; Drittler, B.; Ebert, H.; Terakura, K.; Zeller, R.; Dederichs, P.H. Theory of hyperfine interactions in
metals. Progr. Theor. Phys. Suppl. 1990, 101, 11–77. [CrossRef]

41. Yarmolich, M.; Kalanda, N.; Demyanov, S.; Fedotova, J.; Bayev, V.; Sobolev, N.A. Charge ordering and magnetic properties in
nanosized Sr2FeMoO6– powders. Phys. Status Solidi B 2016, 253, 2160–2166. [CrossRef]

42. Thompson, R.S.; Li, D.; Witte, C.M.; Jia, G.; Lu, J.G. Weak localization and electron-electron interactions in indium-doped ZnO
nanowires. Nano Lett. 2009, 9, 3991–3995. [CrossRef]

43. Hwang, H.Y.; Cheong, S.-W.; Ong, N.P.; Batlogg, B. Spin-polarized intergrain tunneling in La2/3Sr1/3MnO3. Phys. Rev. Lett. 1996,
77, 2041–2044. [CrossRef] [PubMed]

44. Slonczewski, J.C. Conductance and exchange coupling of two ferromagnets separated by a tunneling barrier. Phys. Rev B 1989, 39,
6995–7002. [CrossRef] [PubMed]

45. Mott, N.F.; Davis, E.A. Electronic Processes in Non-Crystalline Materials, 2nd ed.; Clarendon Press: Oxford, UK, 1979.
46. Allub, R.; Alascio, B. Magnetization and conductivity La1-xSrxMnO3-type crystals. Phys. Rev. B Condens. Matter Mater. Phys. 1997,

55, 14113–14116. [CrossRef]
47. Efros, A.L.; Shklovskii, B.I. Coulomb gap and low temperature conductivity of disordered systems. J. Phys. C Solid State Phys.

1975, 8, L49–L51. [CrossRef]
48. Sheng, P.; Abeles, B.; Arie, Y. Hopping conductivity in granular metals. Phys. Rev. Lett. 1973, 31, 44–47. [CrossRef]
49. Niebieskikwiat, D.; Sánchez, R.; Caneiro, A.; Morales, L.; Vásquez-Mansilla, M.; Rivadulla, F.; Hueso, L. High-temperature

properties of the double perovskite: Electrical resistivity, magnetic susceptibility, and ESR. Phys. Rev. B Condens. Matter Mater.
Phys. 2000, 62, 3340–3345. [CrossRef]

50. Zhang, L.; Zhou, Q.; He, Q.; He, T. Double-perovskites A2FeMoO6-δ (A = Ca, Sr, Ba) as anodes for solid oxide fuel cells. J. Power
Sources 2010, 195, 6356–6366. [CrossRef]

51. Sheng, P.; Sichel, E.K.; Gittleman, J.I. Fluctuation-induced tunneling conduction in carbon-polyvinylchloride composites. Phys.
Rev. Lett. 1978, 40, 1197–2000. [CrossRef]

52. Snyder, G.J.; Hiskes, R.; DiCarolis, S. Intrinsic electrical transport and magnetic properties of La0.67Ca0.33MnO3 and
La0.67Sr0.33MnO3 MOCVD thin films and bulk material. Phys. Rev. B Condens. Matter Mater. Phys. 1996, 53, 14434–14444.
[CrossRef] [PubMed]

53. Schiffer, P.; Ramirez, A.P.; Bao, W.; Cheong, S.-W. Low temperature magnetoresistance and the magnetic phase diagram of
La1-xCaxMnO3. Phys. Rev. Lett. 1995, 75, 3336–3339. [CrossRef]

54. Akimoto, T.; Moritomo, Y.; Nakamura, A.; Furukawa, N. Observation of anomalous single-magnon scattering in half-metallic
ferromagnets by chemical pressure control. Phys. Rev. Lett. 2000, 85, 3914–3917. [CrossRef] [PubMed]

55. Dyson, F.J. Thermodynamic behavior of an ideal ferromagnet. Phys. Rev. 1956, 102, 1230–1244. [CrossRef]
56. Zhang, H.; Chen, X.J.; Zhang, C.L.; Almasan, C.C.; Habermeier, H.U. Spin-wave scattering at low temperatures in manganite

films. Phys. Rev. B Condens. Matter Mater. Phys. 2003, 67, 134405. [CrossRef]

187



Ceramics 2024, 7

57. Kubo, K.; Ohatata, N.A. Quantum theory of double exchange. I. J. Phys. Soc. Japan 1972, 33, 21–32. [CrossRef]
58. Urushibara, A.; Moritomo, Y.; Arima, T.; Asamitsu, A.; Kido, G.; Tokura, Y. Insulator-metal transition and giant magnetoresistance

in La1-xSrxMnO3. Phys. Rev. B Condens. Matter Mater. Phys. 1995, 51, 14103. [CrossRef] [PubMed]
59. Li, G.; Zhou, H.D.; Feng, S.J.; Fan, X.J.; Li, X.G.; Wang, Z.D. Competition between ferromagnetic metallic and paramagnetic

insulating phases in manganites. J. Appl. Phys. 2002, 92, 1406–1410. [CrossRef]
60. Zhao, G.M.; Smolyaninova, V.; Prellier, W.; Keller, H. Electrical transport in the ferromagnetic state of manganites: Small-polaron

metallic conduction at low temperatures. Phys. Rev. Lett. 2000, 84, 6086–6089. [CrossRef] [PubMed]
61. Fisher, B.; Chashka, K.B.; Patlagan, L.; Reisner, G.M. Intergrain tunneling in granular Sr2FeMoO6 studied by pulsed high currents.

Phys. Rev. B Condens. Matter Mater. Phys. 2003, 68, 13442. [CrossRef]
62. Simmons, J.G. Generalized formula for the electric tunnel effect between similar electrodes separated by a thin insulating film. J.

Appl. Phys. 1963, 34, 1793–1803. [CrossRef]
63. Helman, J.S.; Abeles, B. Tunneling of spin-polarized electrons and magnetoresistance in granular Ni films. Phys. Rev. Lett. 1976,

37, 1429–1432. [CrossRef]
64. Fisher, B.; Genossar, J.; Chashka, K.B.; Patlagan, L.; Reisner, G.M. Remarkable power-law temperature dependencies of inter-grain

conductivity. Solid State Commun. 2006, 137, 641–644. [CrossRef]
65. Fisher, B.; Genossar, J.; Chashka, K.B.; Patlagan, L.; Reisner, G.M. Intergrain tunnelling in the half-metallic double-perovskites

Sr2BB′O6 (BB′ = FeMo, FeRe, CrMo, CrW, CrRe). EPJ Web Conf. 2014, 75, 01001. [CrossRef]
66. Granville, S.; Farrell, I.L.; Hyndman, A.R.; McCann, D.M.; Reeves, R.J.; Williams, G.V.M. Indications of spin polarized transport

in Ba2FeMoO6 thin films. arXiv 2017, arXiv:1707.01208.
67. Sarma, D.D.; Mahadevan, P.; Saha-Dasgupta, T.; Ray, S.; Kumar, A. Electronic structure of Sr2FeMoO6. Phys. Rev. Lett. 2000, 85,

2549–2552. [CrossRef] [PubMed]
68. Mitani, S.; Takahashi, S.; Takanashi, K.; Yakushiji, K.; Maekawa, S.; Fujimori, H. Enhanced magnetoresistance in insulating

granular systems: Evidence for higher-order tunneling. Phys. Rev. Lett. 1998, 81, 2799–2802. [CrossRef]
69. Haile, S.M.; West, D.L.; Campbell, J. The role of microstructure and processing on the proton conducting properties of gadolinium-

doped barium cerate. J. Mater. Res. 1998, 13, 1576–1595. [CrossRef]
70. Niebieskikwiat, D.; Prado, F.; Caneiro, A.; Sánchez, R.D. Antisite defects versus grain boundary competition in the tunneling

magnetoresistance of the Sr2FeMoO6 double perovskite. Phys. Rev. B Condens. Matter Mater. Phys. B. 2004, 70, 132412. [CrossRef]
71. Westerburg, W.; Reisinger, D.; Jakob, G. Epitaxy and magnetotransport of Sr2FeMoO6 thin films. Phys. Rev. B Condens. Matter

Mater. Phys. 2000, 62, R767–R770. [CrossRef]
72. Venimadhav, A.; Sher, F.; Attfield, J.P.; Blamire, M.G. Oxygen assisted deposition of Sr2FeMoO6 thin films on SrTiO3. J. Magn.

Magn. Mater. 2004, 269, 101–105. [CrossRef]
73. Manako, T.; Izumi, M.; Konishi, Y.; Kobayashi, K.-I.; Kawasaki, M.; Tokura, Y. Epitaxial thin films of ordered double perovskite

Sr2FeMoO6. Appl. Phys. Lett. 1999, 74, 2215–2217. [CrossRef]
74. Liu, G.Y.; Rao, G.H.; Feng, X.M.; Yang, H.F.; Ouyang, Z.W.; Liu, W.F.; Liang, J.K. Metal–semiconductor transition in non-

stoichiometric double perovskite Sr2FexMo2-xO6. Phys. B 2003, 334, 229–233. [CrossRef]
75. López-Mir, L.; Frontera, C.; Aramberri, H.; Bouzehouane, K.; Cisneros-Fernández, J.; Bozzo, B.; Balcells, L.; Martínez, B.

Anisotropic sensor and memory device with a ferromagnetic tunnel barrier as the only magnetic element. Sci. Rep. 2018, 8, 861.
[CrossRef] [PubMed]

76. Suchaneck, G.; Artiukh, E. Intergranular magnetoresistance of strontium ferromolybdate ceramics caused by spin-polarized
tunneling. Open Ceram. 2021, 7, 100171. [CrossRef]

77. Suchaneck, G.; Artiukh, E.; Gerlach, G. Resistivity and tunnel magnetoresistance in double-perovskite strontium ferromolybdate
ceramics. Phys. Status Solidi B 2022, 259, 2200012. [CrossRef]

78. Deniz, H.; Preziosi, D.; Alexe, M.; Hesse, D. Coherent Fe-rich nano-scale perovskite oxide phase in epitaxial Sr2FeMoO6 films
grown on cubic and scandate substrates. J. Appl. Phys. 2017, 121, 023906. [CrossRef]

79. Suchaneck, G.; Artiukh, E. Nonstoichiometric strontium ferromolybdate as an electrode material for solid oxide fuel cells.
Inorganics 2022, 10, 230. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

188



Citation: Chen, Y.-B.; Peng, J.

Zero-Temperature Coefficient of

Resonant Frequency in

[(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02-

Ca0.6(La0.9Y0.1)0.2667TiO3

Ultra-Low-Loss Composite Dielectrics.

Ceramics 2024, 7, 466–477. https://

doi.org/10.3390/ceramics7020030

Academic Editors: Dawei Wang and

Fayaz Hussain

Received: 15 January 2024

Revised: 18 March 2024

Accepted: 22 March 2024

Published: 26 March 2024

Copyright: © 2024 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

ceramics

Article

Zero-Temperature Coefficient of Resonant Frequency in
[(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02-Ca0.6(La0.9Y0.1)0.2667TiO3
Ultra-Low-Loss Composite Dielectrics
Yuan-Bin Chen * and Jie Peng *

School of Electronics and Electrical Engineering, Zhaoqing University, Zhaoqing 526061, China
* Correspondence: n2890103@outlook.com (Y.-B.C.); kit.j.peng@gmail.com (J.P.)

Abstract: Investigating the microwave dielectric properties of ceramics prepared through the conven-
tional solid-state route, such as x[(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02-(1−x)Ca0.6(La0.9Y0.1)0.2667TiO3,
reveals notable characteristics. [(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02 shows a permittivity (εr) of ap-
proximately 20, a high quality factor (Q × f ) ranging between 250,000 and 560,000 GHz, and
a temperature coefficient of resonant frequency (τf) of approximately −65 ppm/◦C. To enhance
the temperature stability, Ca0.6(La0.9Y0.1)0.2667TiO3 featuring a τf value of +374 ppm/◦C was in-
corporated into the [(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02 composition. τf demonstrated an increase
with rising Ca0.6(La0.9Y0.1)0.2667TiO3 content, reaching zero at x = 0.95. A ceramic composition of
0.95[(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02-0.05Ca0.6(La0.9Y0.1)0.2667TiO3, incorporating 3wt.% BaCu(B2O5)
as sintering aids, exhibited outstanding microwave dielectric properties: εr~22.5, Q × f~195,000 (at
9 GHz), and τf~0.1ppm/◦C, with a sintering temperature at 950 ◦C. This material is proposed as a
prospective candidate for 6G band components and GPS antennas.

Keywords: [(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02; Ca0.6(La0.9Y0.1)0.2667TiO3; microwave dielectric prop-
erties; temperature coefficient of resonant frequency

1. Introduction

The distinct electrical properties of ceramic dielectric resonators (DRs) have spurred a
revolution in the wireless communications industry by minimizing the dimensions and
cost of oscillator and filter components within the microwave circuit [1–3]. The integration
of DRs enables the downsizing of microwave components, with requirements including a
low dielectric loss, high permittivity, and a closee-zero τf [4–8]. The product of the quality
factor (Q) and the frequency (f), denoted as Q × f, exhibits an inverse relationship with the
dielectric loss tangent (tanδ) in dielectric materials. Specifically, a higher value of Q × f
signifies a lower dielectric loss, which is particularly crucial for the efficiency of ceramics
used in microwave dielectrics [9]. These materials have become the preferred choice for 6G
communications owing to their exceptional low-loss properties [10–12].

MgTiO3-based ceramics, known for their low dielectric loss, have been the subject
of intensive research. The MgTiO3-CaTiO3 ceramic, composed of a blend of MgTiO3
(εr approximately 17, Q × f approximately 160,000 (at 9 GHz), and τf approximately
−50 ppm/◦C) [13] and CaTiO3 (εr~170, Q × f~3600 (at 7 GHz), and τf~800 ppm/◦C) [14],
has been utilized in dielectric resonators and patch antennas. A ceramic composition of
0.95 MgTiO3-0.05CaTiO3 exhibits εr~21, a Q × f~56,000 (at 7 GHz), and a zero τf value,
but necessitates high sintering temperatures of 1400~1450 ◦C [15]. In industrial settings,
there is a pressing need to reduce the sintering temperature in order to enhance energy
efficiency, lower production costs, and mitigate potential adverse effects on the mate-
rial properties during the fabrication process [16–19]. Given the close similarity in ionic
radii between Zn2+ (0.083 nm) and Mg2+ (0.078 nm), the strategic substitution of Zn2+
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ions with Mg2+ ions emerges as a viable approach for crafting (Mg, Zn)TiO3 composi-
tions. The incorporation of Zn into MgTiO3 to create a solid solution, (Mg, Zn)TiO3,
has proven advantageous not only because it maintains the structural integrity but also
because it reduces the required sintering temperature. This not only streamlines the
manufacturing process but also holds promise for optimizing material properties in prac-
tical industrial applications. For instance, (Mg0.7Zn0.3)TiO3, sintered at 1200 ◦C, exhibits
εr~19.8, Q × f~142,000 GHz, and τf~−66 ppm/◦C [20]. Additionally, incorporating Co into
(Mg0.7Zn0.3), as seen in (Mg0.7Zn0.3)0.95Co0.05TiO3, results in excellent dielectric properties,
with εr~20, Q × f~163,560 GHz, and τf~−65 ppm/◦C, even when sintered at a relatively
low temperature of 1200 ◦C [21]. Non-stoichiometric ceramic Mg1+δ TiO3+δ compositions
were initially reported by Huang [22]. The Q × f value exhibited a nonlinear variation,
reaching a peak of approximately 357,600 GHz when δ reached 0.02, beyond which it exhib-
ited a decline. This noteworthy peak in the Q × f value is attributed to the distinct MgTiO3
phase, underscoring the influence of non-stoichiometry on the microwave properties of the
ceramic material. The exploration of these non-stoichiometric variations holds the potential
for tailoring and optimizing microwave characteristics in diverse applications.

In this paper, we explore the substitution of Zn2+ and Co2+ ions for Mg2+ ions, re-
sulting in the formation of [(Mg0.6Zn0.4)0.95Co0.05]1.02TiO3.02 (MZCT). The ionic radius of
Mg (0.78 Å) closely resembles that of Zn2+ (0.83 Å) and Co2+ (0.82 Å). Consequently, the
substitution greatly enhanced the Q × f value, which establishes it as a highly dependable
method for producing materials with consistent dielectric properties. The dielectric proper-
ties in the microwave applications were assessed through the analysis of X-ray diffraction
(XRD) patterns, densification, and microstructures.

We investigated the partial substitution of Y3+ for La3+ in Ca0.6La0.2667TiO3 ceramics.
This substitution is viable due to the smaller ionic radius of Y3+ (0.106 Å) compared to that
of La3+ (0.122 Å), allowing for the formation of Ca0.6(La0.9Y0.1)0.2667TiO3 (CLYT). A solid-
state synthesis method was employed in this study. Examining the correlations between
the surface morphology and quantity of CLYT ceramics sintered at 1350 ◦C revealed the
following properties: εr = 111, Q× f = 23,100 (GHz), and τf = 374.6 ppm/◦C. The formation
of BaCu(B2O5) (BCB) was observed at 700 ◦C, with subsequent melting occurring above
850 ◦C [23–25]. Due to its low melting temperature and advanced microwave dielectric
properties, BCB proved effective as a sintering aid for microwave dielectric materials [22].

In this work, BCB powder was employed to effectively reduce the sintering tempera-
ture during the fabrication of the xMZCT-(1−x)CLYT ceramics. The impact of BCB on the
microwave dielectric properties of the ceramics was investigated.

2. Experiments

MZCT was synthesized using the solid-state mixed oxide route, employing high-
purity oxide powders (>99.9%) such as MgCO3·0.2708H2O as starting materials. The
decomposition reaction of MgCO3·0.2708H2O at temperatures between 600 and 700 ◦C for
5 h can be represented as follows [26]:

MgCO3·0.2708H2O→MgO + CO2 + xH2O

The ceramic preparation process commenced with an initial firing at 650 ◦C to elimi-
nate moisture content and ensure a stable starting point. MZCT ceramics were fabricated
through a conventional solid-state reaction utilizing high-purity oxide powders (MgO, ZnO,
CoO, and TiO2). The raw materials were precisely weighed and subjected to a thorough
mixing process through ball milling with agate media in distilled water for an extensive
period of 24 h. Following meticulous mixing, resulting mixtures underwent a drying phase
before being carefully calcined at a temperature of 1000 ◦C for 4 h.

Samples of CLYT ceramics were fabricated through a conventional solid-state reaction
utilizing high-purity oxide powders (CaCO3, La2O3, Y2O3, and TiO2). The process involved
mixing, milling for 24 h, drying, and grinding, followed by calcination at 1000 ◦C for 2 h.
XRD analyses were employed to identify the crystal phases of the calcined powders. For

190



Ceramics 2024, 7

the synthesis of BCB, BaCO3 (>99%), CuO (>99%), and B2O3 (>99%) were mixed for 4 h in
a nylon jar with zirconia balls and then dried and calcined at 700 ◦C for 3 h. Subsequently,
xMZCT-(1−x)CLYT powders were dry-mixed with an agate mortar and pestle before being
wet-mixed using distilled water for 12 h. To facilitate the formation of well-structured
ceramic samples, a finely powdered mixture was prepared, incorporating 3 wt% of a 10 wt%
of an aqueous solution of polyvinyl alcohol (PVA 500, Showa, Japan) solution as a binder.
This mixture was meticulously compressed into pellets, with each one measuring 1.1 cm in
diameter and 0.5 cm in thickness, utilizing a pressure of 200 MPa to ensure a compact and
uniform structure.

Following pelletization, the specimens underwent a sintering process in ambient air,
for a duration of 4 h at temperatures ranging from 900 to 1000 ◦C. Throughout this thermal
treatment, both the heating and cooling rates were carefully controlled at 10 ◦C/min
to prevent thermal stress and ensure a gradual transformation. To assess the structural
evolution, an X-ray diffraction pattern analysis was employed. This analytical technique
was applied to identify the crystalline phases present in both the calcined powder and the
sintered ceramics, providing valuable insights into the structural changes and the formation
of desired phases during the manufacturing process. Scanning electron microscopy (SEM,
Philips XL-40FEG, Eindhoven, The Netherlands) was used in the microstructure analysis
of the sintered surface. Additionally, dispersive spectroscopy (EDS) was utilized to identify
the presence of any second phases. The Archimedes method was used to measure the
bulk densities of the sintered pellets. The Hakki–Coleman [27] dielectric resonator method,
adapted and refined by Courtney [28], was applied to determine the permittivity and the
quality factor value at the microwave frequencies under both TE011 and TE01 modes.

For measurement purposes, the dielectric resonator was meticulously placed between
two brass plates, establishing a reliable and controlled environment to assess the microwave
properties with precision. A comprehensive measurement system that utilized the syner-
gistic capabilities of an HP8350B sweep oscillator and an HP8757D network analyzer for
precision analysis was employed. The test set was positioned atop a thermostat, spanning
a temperature spectrum in the range of 25 to 80 ◦C. The τf value can be calculated using
Equation (1).

τf =
f80 − f25

f25(80− 25)
× 106(ppm/◦C) (1)

where f80 and f25 represent the resonant frequencies at 80 and 25 ◦C, respectively.

3. Results and Discussion

Figure 1 depicts the X-ray diffraction (XRD) pattern of 0.95MZCT-0.05CLYT, aug-
mented with a 3wt.% BCB dopant, recorded at room temperature. The crystal structures
of MZCT and CLYT were revealed to be rhombohedral (ICDD-PDF #01-073-7752) and
orthorhombic (ICDD-PDF #00-022-0153), respectively. Remarkably, the XRD patterns re-
veal the persistent presence of the MZCT phase in these specimens, exhibiting negligible
alternations with varying sintering temperatures within the range of 900–1000 ◦C. The XRD
patterns affirm the dominance of MZCT as the major crystalline phase, accompanied by a
minor phase of CLYT. The inability to achieve a solid solution in the xMZCT-(1−x)CLYT
ceramic system is attributed to inherent structural disparities. Notably, the XRD patterns of
the 0.95MZCT-0.05CLYT ceramic exhibit minimal fluctuations across the sintering tempera-
ture spectrum of 900–1000 ◦C. In Figure 2, SEM images of the 0.95MZCT-0.05CLYT ceramic,
doped with 3wt.% BCB and subjected to various sintering temperatures, are presented. At
900 ◦C, porous microstructures are evident in the grains. Grain growth is initiated at 950 ◦C
and significantly escalates at 975 ◦C. Beyond 975 ◦C, inhomogeneous grain growth becomes
apparent, potentially impacting the microwave dielectric properties of the ceramics.

191



Ceramics 2024, 7

Ceramics 2024, 7, FOR PEER REVIEW  4 
 

 

growth becomes apparent, potentially impacting the microwave dielectric properties of 
the ceramics. 

 

2θ(degree) 

Figure 1. X-ray diffraction patterns of 0.95MZCT-0.05CLYT ceramics doped with 3wt.% BCB and 
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Figure 1. X-ray diffraction patterns of 0.95MZCT-0.05CLYT ceramics doped with 3wt.% BCB and
sintered at various temperatures for 4 h: (a) 900 ◦C, (b) 925 ◦C, (c) 950 ◦C, (d) 975 ◦C, and (e) 1000 ◦C
(♣: MZCT; F: CLYT).
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Figure 2. SEM micrographs of 0.95MZCT-0.05CLYT ceramics doped with 3wt.% BCB and sintered at
(a) 900, (b) 925, (c) 950, (d) 975, and (e) 1000 ◦C.
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Energy-dispersive X-ray (EDX) analysis, complemented by SEM, was employed to discern
each individual grain in the 0.95MZCT-0.05CLYT ceramics sintered at 950 ◦C, and the results,
along with the corresponding spots A–B, are presented in Figure 3. The grain morphology of
the well-developed 0.95MZCT-0.05CLYT ceramics can be classified into two types: the larger
grains (spot A), indicated as the Mg–Ti phase, were confirmed to be MZCT, while the smaller
cubic-shaped grains (spot B) were identified as CLYT. The EDX findings align with the XRD
results obtained from the 0.95MZCT-0.05CLYT ceramics. In contrast to the pure MZCT, CLYT
exhibits a lower sintering temperature. This discrepancy arises from the smaller grain size of
CLYT compared to that of MZCT, and the incorporation of CLYT into MZCT contributes to the
improved densification of the ceramics. Details of the EDX data for spots A-B are shown in
Table 1, offering insights into the elemental composition at specific regions. The well-developed
grain morphology shows the distinctive characteristics of the dual-phase ceramics.
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Figure 3. The marks of SEM for the 0.95MZCT-0.05CLYT ceramics doped with 3wt.% BCB and
sintered at 950 ◦C.

Table 1. EDX data of 0.95MZCT-0.05CLYT ceramics doped with 3wt.% BCB for areas A-B.

Elements Mg Zn Co Ti Ca La Y O

Area A 20.11
(±0.01)

1.23
(±0.02)

1.9
(±0.03)

23.21
(±0.02) 0 0 0 53.55

(±0.02)

Area B 0 0 0 12.75
(±0.01)

9.89
(±0.01)

11.98
(±0.02)

12.1
(±0.01)

53.28
(±0.01)

Figure 4 illustrates the bulk density, relative density, and porosity of 3wt.% BCB-doped
xMZCT-(1−x)CLYT ceramics sintered at various temperatures for 4 h. As the temperature
rose, the bulk density exhibited an upward trend, reaching a peak value of 3.86 g/cm3

at 950 ◦C, after which it gradually declined. The reduction in density is attributed to the
abnormal grain growth, as depicted in Figure 2. The variation in permittivity mirrored
the density changes, showing an increase with the sintering temperature. Following its
zenith at 1150 ◦C, the permittivity experienced a subsequent decrease. With an increase in
sintering temperature, the relative density also increased, as shown in Figure 4b, and the
porosity also decreased, as shown in Figure 4c. When the temperature rose to 950 degrees
C, the relative density of the xMZCT-(1−x)CLYT ceramics could reach more than 95%, and
the porosity reached the minimum value, which was less than 5%.

Figure 5 depicts the permittivity curves of the xMZCT-(1−x)CLYT ceramics at different
sintering temperatures over a 4 h period. The relationship between the εr values and sintering
temperature (presented in Table 2) mirrors the trend observed between density and sintering
temperature, given that higher density corresponds to lower porosity. The permittivity
exhibited a slight increase with an increase in the sintering temperature. The permittivity of
the xMZCT-(1−x)CLYT ceramics showed a progression from 17.27 to 26.2 as the sintering
temperature increased from 900 to 950 ◦C. A peak value of 26.2 was achieved for the 0.85MZCT-
0.15CLYT ceramics sintered at 950 ◦C for 4 h. It is well known that the permittivity of
microwave dielectric ceramics is influenced by both the mixing rule and density.
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relative dielectric constant increases rapidly. It has been reported that the macroscopic 
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Table 2. Microwave dielectric properties of the xMZCT-(1-x)CLYT ceramic system doped with 3 wt.%
BCB and sintered at 950 ◦C for 4 h.

x Value Bulk
Density (g/cm3) εr Q × f (GHz) τf (ppm/◦C)

1 3.78 (±0.04) 20.95 (±0.05) 250,000 (±6700) −63 (±0.4)
0.95 3.8 (±0.03) 22.5 (±0.01) 190,000 (±3810) 0 (±0.01)
0.93 3.81 (±0.03) 23.5 (±0.02) 180,000 (±1220) 0.1 (±0.05)
0.9 3.83 (±0.02) 25.2 (±0.03) 172,000 (±1800) 10 (±0.3)

0.85 3.88 (±0.03) 26.7 (±0.01) 156,000 (±1610) 21 (±0.5)

It is also known that the permittivity of microwave dielectric ceramics is affected
by their ion polarizability. As mentioned above, in xMZCT-(1−x)CLYT, the εr value of
CLYT increases. To elucidate the effect of CLYT Zn substituting MZCT on the dielectric
constant, the ion polarizability of xMZCT-(1−x) CLYT was estimated using the Clausius–
Mossotti equation:

εr =
3Vm + 8παm

3Vm − 4παm
(2)

where εr, Vm, and αm are the relative permittivity, molar volume, and macroscopic polar-
izability, respectively. Using experimental relative permittivity data and unit cell volume
data, the macroscopic polarizability αm was calculated. The theoretical polarizability data
in Table 1 show that, with an increase in xMZCT-(1−x)CLYT content, there is almost an
S-shaped increase, while the unit cell volume increases with an increase in x. The relative
dielectric constant increases as αm increases. When the αm value approaches 3Vm/4π, the
relative dielectric constant increases rapidly. It has been reported that the macroscopic po-
larizability of a complex system with ideal symmetry can be determined by the summation
of the polarizabilities of the constituent cations, meaning that:

αm = Σα(ions) (3)

The theoretical polarizability (expressed as αm (theoretical)) value was calculated
according to Equation (3). This was compared with the “experimental” polarizability,
which was denoted as αm(exp) and determined using the Clausius–Mossotti equation.
It should be noted that the αm(exp) of the xMZCT-(1−x)CLYT end member is greater
than the αm (theoretical) value, and the αm(exp) value is larger than the αm (theoretical)
value. Shannon showed that, as the cation size changes, deviations in the additivity of ion
polarizability occur when cation compression or vibration occurs in structural sites. The
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lower αm(exp) value of xMZCT-(1−x)CLYT may be due to the compression effect caused
by large difference in polarizability MZCT and CLYT ions.

The logarithmic mixing rule, proposed by Lichterecker in 1926, is an intermediate
form between serial and parallel mixing [29]:

log εm = vh log εh + vl log ε l (4)

where εh and ε l represent the relative permittivity of the high- and dielectric phases,
respectively. Vh and Vl denote the volume fractions of the high- and low-dielectric phases,
respectively, ensuring that their sum is equal to 1 (Vh + Vl = 1). The value εm signifies the
effective permittivity of the composite.

Microwave dielectric loss primarily arises from factors such as the lattice vibration
mode, porosity, secondary-phase impurities and lattice defects. The role of relative density
in governing dielectric losses is noteworthy, echoing findings in other microwave dielectric
materials. It is widely acknowledged that the factors diminishing the dielectric Q value fall
into two categories: natural loss and external loss. Natural loss stems from the interaction
between polar phonon vibrations and microwave electric fields in crystals. External loss
encompasses phenomena like order–disorder transformations, pore density, grain size,
oxygen vacancies, and impurity phases in ceramics. The intrinsic Q value establishes
the upper limit for a defect-free single crystal, quantitatively described in the microwave
frequency range by the classical damping oscillator model. In this model, under the
one-phonon absorption approximation, a reciprocal relationship between Q × f and the
permittivity emerges [30]:

Q× f ∝ ε−1 (5)

where the frequency f is confined within the vicinity of the phonon engine frequency for
the validity of the estimation, typically around 1012 Hz at room temperature. Nevertheless,
a set of experiments has shown that extending the application of Equation (5) from the
microwave frequency to the megahertz frequency (1–4 orders of magnitude lower than the
optical phonon resonance frequency) at room temperature yields a satisfactory dielectric Q
magnitude for well-crafted ceramics. However, the results show that Q × f solely depends
on εr [30]:

Q× f ∝ ε−0.6
r (6)

This implies an inverse relationship between the values of Q × f and εr, where, as εr
increases, Q × f decreases, and vice versa. This phenomenon is most likely attributed to
external factors. Numerous authors acknowledge that porosity within a dielectric has an
adverse impact on the Q × f values, and the extent of this impact varies depending on the
type of dielectric. For low-dielectric Q × f ceramics of the order of 103 GHz, the impact of
porosity on dielectric Q can be described as Q = Qo(1− 1.5P), where Qo represents the
intrinsic dielectric Q measured using microwave reflectance spectroscopy, and P denotes
porosity. However, in the case of high Q × f ceramics of the order of 105–106 GHz, such as
polycrystalline Al2O3 ceramics, even a small amount of porosity significantly diminishes
the dielectric Q, as described by Equation (7) [30,31]:

1
Q

= (1− P)
1

Qo
+ A′P(

P
1− P

)
2/3

(7)

where Qo represents the full-density dielectric quality factor (1.565× 10−5), A′ is a constant
(=6.3 × 10−3), and P is the porosity. Figure 6 illustrates the Q × f value of the xMZCT-
(1−x)CLYT ceramics sintered at various temperatures. The Q × f value exhibited an initial
increase with rising sintering temperature, reaching a peak value before subsequently
declining. Specifically, the peak of the Q × f value was achieved for the xMZCT-(1−x)CLYT
ceramics at 950 ◦C, ranging from 256,000 to 150,000 depending on the value of x. The
reduction in the Q × f value is attributed to the abnormal grain growth observed at higher
temperatures, as shown in Figure 2.
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The linear thermal expansion coefficient is a fixed parameter in ceramics, and it directly
influences the temperature coefficient of capacitance by its correlation with the temperature
dependence of the permittivity. The relationship between the temperature coefficient of resonant
frequency (τf), τc, and the thermal expansion coefficient (αL) is stated in Equation (8) [32]:

τf = (
τc

2
+ αL) (8)

Figure 7 illustrates the temperature coefficient of the resonant frequency τf for the
xMZCT-(1−x)CLYT ceramic system doped with 3wt.% BCB. τf is known to be influenced
by the composition, additives, and second phase of the material. Given that the τf values
for MZCT and CLYT are −65 and +320 ppm/◦C, respectively, an increase in CLYT content
shifts the τf value towards a more positive range. This suggests that, by adjusting the
amount of CLYT content, a τf value of zero can be achieved. A τf value of zero was attained
with x = 0.95 when sintering was performed at 950 ◦C for 4 h.
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Table 2 presents the microwave dielectric properties of the xMZCT-(1−x)CLYT ceramic
system doped with 3 wt.% BCB and sintered at 950 ◦C for 4 h. As the value of x varied
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from 0.95 to 0.85, τf underwent a transition from 0 to 21 ppm/◦C. The curve exhibited a
crossing point at zero, indicating that a τf value of zero can be achieved by appropriately
adjusting the x value in the xMZCT-(1−x)CLYT ceramic system. However, the Q × f
value decreased with decreasing MZCT content, as the CLYT ceramic had a low Q × f
value of 23,000 GHz. The microwave dielectric properties of MZCT ceramics were pre-
examined, and the findings are elucidated in Table 2. Notably, as the sintering temperature
was elevated to 950 ◦C, significant improvements in key parameters were observed. The
measured Q × f reached an impressive 190,000 GHz, indicating an enhanced quality factor
and resonant frequency characteristics. Simultaneously, the permittivity (εr) exhibited a
notable increase, reaching 22.5, showcasing the material’s improved response to electric
fields. Additionally, the temperature coefficient of resonant frequency (τf) was determined
to be 0 ppm/◦C, highlighting the stability of the ceramics’ microwave properties over a
range of temperatures. In an effort to refine the microwave dielectric properties of the
xMZCT-(1−x)CLYT ceramics, subtle modifications were introduced. Specifically, minute
substitutions were made, with Co2+ or Zn2+ replacing Mg2+ to create MZCT, and Y3+ taking
the place of La3+ to form CLYT in the experimental setup.

There may be some uncertainty due to measurement errors in the experiments. These
errors, shown in Figures 4–7 and Tables 1 and 2, demonstrate the uncertainty caused by
measurement differences.

4. Conclusions

The examination of the microwave properties of the xMZCT-(1−x)CLYT ceramic,
doped with 3wt.% BCB, revealed the successful achievement of ultra-low dielectric loss.
Specifically, the 0.95MZCT-0.05CLYT ceramic exhibited outstanding microwave proper-
ties, even when sintered at low temperatures. This was achieved through the strategic
replacement of partial Zn2+ and Co2+ ions in MgTiO3, resulting in the formation of the
[(Mg0.6Zn0.4)0.95Co0.05]1.02 ceramic. Within the xMZCT-(1−x)CLYT system, a distinctive
mix of phases emerged, with MZCT constituting the predominant crystalline phase and
CLYT having a minor presence.

This composition displayed strong dielectric properties, featuring a permittivity εr of
around 20, a noteworthy quality factor (Q × f) that reached 256,000 GHz, and a tempera-
ture coefficient of resonant frequency (τf) of approximately −65 ppm/◦C when sintered
at 1200 ◦C. The intricacies of this composition were further explored at the specific sin-
tering temperature of 950 ◦C. Under this condition, the system demonstrated exceptional
microwave dielectric properties. The εr reached 22.5, showing its efficient propagation
of electromagnetic waves. The Q × f soared to an impressive 190,000 GHz (measured
at 9 GHz), indicating minimal signal loss during transmission. Most notably, the system
achieved a τf value of zero, implying outstanding temperature stability.

The ultra-low temperature coefficient and high quality factor of the newly discovered
0.95MZCT-0.05CLYT ceramic make it an ideal material for application in the field of 6G
band components and GPS antennas. Achieving such good properties at a relatively
low sintering temperature aligns with the contemporary drive for energy-efficient and
sustainable material processing.
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Abstract: We investigated the effects of Co doping on Pr0.7Ca0.3MnO3−d in the perspective of an
oxygen-bonding state change. In all compositions, Pr0.7Ca0.3Mn1−xCoxO3−d (PCMCx, x = 0, 0.1, 0.2, 0.3)
showed an orthorhombic structure, and the lattice gradually contracted with increasing Co content.
The doped Co was mostly present as 2+ and 3+, which decreased the average oxidation value of the B
site and created oxygen vacancies for charge compensation. However, as the Co content increased, the
proportion of Co3+ increased, and the content of oxygen vacancies gradually decreased. In addition,
the ratio of adsorbed oxygen in PCMC0.1 was the highest, and the B-O covalency was enhanced.
Accordingly, the electrochemical reaction of oxygen with the cathode material in PCMC0.1 could occur
most easily, showing the smallest polarization resistance among the Co-doped Pr0.7Ca0.3MnO3−d.
We can confirm the formation of oxygen vacancies via Co doping and the effect of B-O covalency on
the oxygen-reduction reaction of Pr0.7Ca0.3MnO3−d.

Keywords: co-doped Pr0.7Ca0.3MnO3−d; oxygen vacancy; B-O bond covalency; distribution of
relaxation time (DRT); ORR mechanism

1. Introduction

A solid oxide fuel cell (SOFC) is an electrochemical cell that directly converts the
chemical energy of fuel into electricity with an efficiency of up to 80% at high temperatures
of 800~1000 ◦C using ceramic materials and is attracting attention as a tool for realizing
carbon neutrality. High-temperature operating conditions cause high costs, deterioration
of surrounding materials, and thermal shock during ‘start–stop’ cycles. Research to reduce
the operating temperature to an intermediate temperature range (600~800 ◦C) is conducted
to overcome the disadvantages [1–3]. To reduce the operating temperature, it is important
to improve the sluggish oxygen-reduction reaction that occurs on the surface of the cathode.
To improve it, it is important to control the material properties so that the reaction that
mainly occurs at the air–electrode–electrolyte interface (triple-phase boundary, TPB) can
occur at the electrode–air interface [4,5].

Co-based perovskite oxides such as La0.8Sr0.2Co0.8Fe0.2O3−δ (LSCF) and
Ba0.5Sr0.5Co0.8Fe0.2O3−δ (BSCF) have been widely studied because of their ability to con-
duct oxygen ion and electrons simultaneously and high oxygen-reduction reaction (ORR)
activity to reduce the operating temperature [6,7]. Double perovskite oxides such as
PrBaCo2O5+d, PrBaMn2O5+d, and NdBaMnO5+d, which show better activity by forming
an oxygen pathway through cation ordering, have been recently studied [8–11]. However,
Co-based perovskite oxides and double perovskite oxides have a large thermal expan-
sion coefficient compared to ceria-based electrolytes, which can cause delamination of the
electrode–electrolyte interface. Cobalt-free cathode materials such as Ba0.5Sr0.5FeO3−d are
being studied [12]. In the case of PrMnO3, Ishihara et al. showed that among various
Ln0.6Sr0.4MnO3 (Ln = La, Pr, Nd, Sm, etc.)-based perovskite oxides, Pr0.6Sr0.4MnO3−d
exhibited the best electrical conductivity and, unlike the widely studied LSM, did not react
with the electrolyte Y2O3-stabilized ZrO2, making it suitable as a cathode material for low-
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and intermediate-temperature SOFCs [13]. However, further research is needed to improve
the electrode performance for a cobalt-free cathode. Small amounts of Co doping into a
cobalt-free cathode have been studied [14].

We investigated the effect of Co doping on the B-O bonding structure and electro-
chemical properties in Pr0.7Ca0.3MnO3−d. We synthesized Pr0.7Ca0.3Mn1−xCoxO3−d with
different Co contents using an EDTA (ethylenediaminetetraacetic acid)-citric acid complex
process, and the crystal structures were confirmed using X-ray diffraction patterns. Core
level spectra were observed using X-ray photoelectron spectroscopy, and peak deconvolu-
tion was performed to confirm the oxidation and oxygen binding states of the metal ions.
EIS was measured at 550~750 ◦C to confirm the electrochemical properties depending on
the Co content, and changes in the ORR mechanism were analyzed using DRT analysis.

2. Materials and Methods

PCMCx (Pr0.7Ca0.3Mn1−xCoxO3−d, x = 0, 0.1, 0.2, 0.3) powders with various composi-
tions were synthesized using the EDTA-citrate complexing process (ECCP). Pr(NO3)3·6H2O
(99.9%, Sigma-Aldrich, St. Louis, MO, USA), Ca(NO3)2·4H2O (98%, Sigma-Aldrich),
Co(NO3)3·6H2O (98%, Sigma-Aldrich), and Mn(NO3)2·4H2O (98%, Sigma-Aldrich) metal
precursors were dissolved in deionized water. Ethylenediaminetetraacetic acid (EDTA,
99.5%, Alfa Aesar, Haverhill, MA, USA) was added to a 1N NH4OH (Junsei chemical Co.,
Tokyo, Japan) solution to obtain a NH3-EDTA buffer solution. The NH3-EDTA and crystal-
lized citric acid monohydrate (99.5%, Samchun Chemical, Pyeongtaek, Korea) powders, as
chelating agents, were applied to the mixed-metal precursor solution to make a sol for a
total metal ion: EDTA: citric acid molar ratio of 1:1:2. The sol was heated with stirring to
evaporate the solvent. Clear gels were obtained, and then these gels were pre-calcined at
200 ◦C. Then, the pre-calcined precursors were calcined in air at 950 ◦C.

Symmetric cells (PCMCx|SDC|PCMCx) were prepared to investigate the electro-
chemical properties of the PCMCx powders. The SDC pellets were sintered at 1400 ◦C
for 4 h using Sm-doped ceria powder (SDC20-HP, Fuelcellmaterials, Lewis Center, OH,
USA). The PCMCx powders were mixed with a binder prepared from α-terpineol and
ethyl-cellulose to form PCMCx pastes, which were screen-printed onto both sides of the
SDC pellets. After drying, the symmetric cells were calcined at 950 ◦C for 2 h in air.

To examine the crystal structures of the calcined and sintered powders, powder X-ray
diffraction (XRD, PANalytical X’pert-Pro MPD PW3040/60) was performed at room tem-
perature using a step-scan procedure (0.02◦/2θ step, time per step 0.5 s) in the 2θ range
of 10–90◦. X-ray photoelectron spectroscopy (XPS) was carried out to measure the core
level spectra of the PCMCx powders using the K-ALPAH+ System (HPXPS, Al Kα X-ray
source (1486.6 eV), ThermoFisher Scientific, Waltham, MA, USA) at the Korea Basic Sci-
ence Institute (KBSI), Busan, center. Impedance measurements were conducted using an
IviumStat instrument (Ivium, Eindhoven, the Netherlands) over the frequency range of
106–0.01 Hz with an excitation voltage of 10 mV at an operating temperature of 600–700 ◦C
under open-circuit conditions in air. The electrochemical impedance spectroscopy (EIS)
results were multiplied by 0.5 to account for the two electrodes. The impedance spectra
data were further fitted using EC-lab software (4.3 ver.). The distribution of relaxation time
(DRT) method was applied to analyze the EIS data [15].

3. Results and Discussion

Figure 1 shows the XRD pattern of Co-doped Pr0.7Ca0.3MnO3−d and the (112) main
peak. The XRD patterns were indexed according to Caignaert et al. [16]. Each composi-
tion showed an orthorhombic structure, indicating that it was synthesized without the
secondary phase formation. The Goldschmidt tolerance factor (t) of PCMCx increased from
0.908 (PCM) to 0.913 (PCMC0.3), which was predicted to have a crystal structure close to
the cubic structure but showed an orthorhombic structure. Compared to PCM, PCMC0.1
showed a lower angle shift of the main peak from 32.88◦ to 32.84◦, but as the content of
Co increased, the main peak gradually shifted to a higher angle, and PCMC0.3 showed a
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higher angle shift to 32.96◦, indicating that the lattice contracted. The lattice contraction is
caused via the substitution of Mn ions with larger atomic number Co ions: Mn3+ (58 pm LS
and 64.5 pm HS) and Co3+ ions (54.5 pm LS and 61 pm HS) [17].
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Figure 1. X-ray diffraction pattern and (112) peak of Co-doped Pr0.7Ca0.7MnO3−d.

Figure 2 shows the core level spectra of B site metal ions and oxygen ions of Co-doped
Pr0.7Ca0.3MnO3−d. The core level spectra of the Co 2p1/2 states were observed at 790 eV to
810 eV and consisted of three peaks at 796.4 eV, 794.9 eV, 797.4 eV, and 802.5 eV that can
be assigned to Co2+, Co3+, Co4+, and satellite [18,19]. The Mn 2p2/3 spectrum consists of
three peaks at 640.3, 641.7, and 643.8 eV that can be assigned to Mn2+, Mn3+, and Mn4+

ions [20]. The O 1s core level spectra consist of peaks formed at 528.86 eV, 530.95 eV, and
533.4 eV, which correspond to lattice oxygen (O1), oxygen vacancy or surface absorbed
oxygen (O2), and absorbed water species (O3), respectively [21]. The fitting results of the
above Mn, Co, and O core level spectra are summarized in Table 1, and Pr 3d and Ca 2p
also fitted according to Mekki et al. and Wan et al., respectively, and maintained oxidation
values of 3+ and 2+, respectively [22,23].

The fitting results of the O 1s spectra show that the intensity of O 1s decreased and
then gradually increased with Co doping, indicating the formation of oxygen vacancies
in the lattice. Co, which has a similar oxidation value to Mn, was able to form oxygen
vacancies, according to Lv et al. In addition, the ratio of the O2 peak increased contrary to
the trend of O1, which indicates that the B-O covalency was improved, and it is known
that improved covalency indicates better ORR reactivity. O3 represents an absorbed water
species [22,24].

It was found that the Co ions in PCMC0.1 had oxidation values of 2+ and 3+, but
as the Co content gradually increased, the ratio of Co2+ decreased and the ratio of Co3+

increased, which is consistent with the trend of the O1 peak observed in the O 1s spectra. In
addition, the overall oxidation value of the B site ions gradually increased with the increase
in the Co doping amount, which is consistent with the lattice contraction with the increase
in Co content confirmed using XRD results.
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Figure 2. X-ray photoelectron spectra of PCMCx and peak deconvolution result: (a–d) O 1s core level
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spectra of PCMC0.1–0.3.

Figure 3 shows the electrochemical impedance spectra of each composition from 550
to 750 ◦C, and the ohmic resistance is subtracted to compare the polarization resistance.
The polarization resistances are summarized in Table 2. PCMC0.1 exhibited the smallest
polarization resistivity at all temperatures and was reduced by more than 60% compared to
PCM. This is consistent with the formation of oxygen vacancies and improvement in B-O
covalency, as confirmed using XPS results, and this trend is also confirmed by the increase
in polarization resistance with increasing Co content.
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Table 1. O 1s, Mn 2p 3/2, and Co 2p 1/2 XPS fitting results of PCMCx and average oxidation number.

O 1s O1 O2 O3

PCM 49.400% 45.567% 5.033%
PCMC0.1 34.805% 60.031% 5.165%
PCMC0.2 39.679% 54.841% 5.479%
PCMC0.3 49.868% 43.843% 6.288%

Mn 2p 3/2 Mn2+ Mn3+ Mn4+
Average

Oxidation
Number

PCM 24.142% 61.829% 14.029% 2.899
PCMC0.1 25.265% 59.626% 15.109% 2.898
PCMC0.2 25.295% 58.368% 16.337% 2.910
PCMC0.3 21.958% 55.977% 22.065% 3.001

Co 2p 1/2 Co2+ Co3+ Co4+
Average

Oxidation
Number

PCM - - - -
PCMC0.1 44.894% 55.106% 0.000% 3.165
PCMC0.2 35.004% 57.447% 7.549% 3.275
PCMC0.3 19.789% 76.885% 3.326% 3.449

Average oxidation state of A site metal: Pr = 3+, Ca = 2+.
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Figure 3. (a) Electrochemical impedance spectra of PCMCx. Rohm was subtracted to emphasize the
polarization resistance and (b) fitting result at 550 ◦C.
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Table 2. Ohmic resistance (Rohm) and polarization resistance (Rpol)of PCMCx via temperature.

550 ◦C 650 ◦C 750 ◦C

PCM
Rohm 1.564 Ω cm2 0.597 Ω cm2 0.366 Ω cm2

Rpol 2.997 Ω cm2 0.655 Ω cm2 0.390 Ω cm2

PCMC0.1
Rohm 0.823 Ω cm2 0.539 Ω cm2 0.320 Ω cm2

Rpol 0.787 Ω cm2 0.38 Ω cm2 0.127 Ω cm2

PCMC0.2
Rohm 1.230 Ω cm2 0.500 Ω cm2 0.312 Ω cm2

Rpol 1.746 Ω cm2 0.567 Ω cm2 0.161 Ω cm2

PCMC0.3
Rohm 1.766 Ω cm2 0.814 Ω cm2 0.461 Ω cm2

Rpol 2.670 Ω cm2 0.682 Ω cm2 0.179 Ω cm2

The electrochemical kinetics of PCMCx using DRT analysis is shown in Figure 4. The
electrochemical process appears as a peak in the DRT spectrum, and the impedance data of
the oxygen-reduction reaction can be used to analyze the main processes involved in the
electrode reaction. In Figure 4, the DRT spectrum can be divided into a high-frequency (HF)
region, which is found at frequencies above 103 Hz, an intermediate frequency (IF) region
between 103 and 100 Hz, and a low-frequency (LF) region below 100 Hz, with each region
corresponding to a separate electrochemical reaction. The characteristic frequency of a
reaction is inversely proportional to the relaxation time of the electrode reaction; therefore,
the higher the characteristic frequency, the faster the relaxation rate of the electrode process.
In addition, the integral area of the peak represents the resistance of the corresponding
reaction [25,26].
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The LF region is the region for the reaction in which oxygen molecules are diffused
and adsorbed onto the electrode, and at 550 ◦C, PCM exhibited the largest LF resistance,
which rapidly decreases with increasing temperature. The processes contributing to the HF
region are likely related to one or more charge-transfer processes across the interface, such
as the transfer of oxygen ions (O2−) at the TPB/electrode–electrolyte interface. This region
is more dominant at higher temperatures than at lower temperatures, as evidenced by the
particularly high peak at 750 ◦C.

Electrochemical reactions corresponding to the peaks in the IF region can include
reactions such as adsorption/desorption of oxygen, dissociation, and surface migration,
accounting for most of the polarization resistance in EIS. This region is strongly influenced
by the formation of oxygen vacancies, which is confirmed by the decrease in O1 in XPS,
and the enhancement in B-O covalency, which is confirmed by the O2 peak, which cor-
responds to the smallest O1 ratio and the largest O2 ratio in PCMC0.1. Therefore, the
polarization resistance is lower than that of PCM due to the synergetic effect of oxygen
vacancy formation and B-O covalency enhancement via Co doping, and as the Co content
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increases again, the oxygen vacancy decreases, and the B-O covalency decreases, gradually
increasing the resistance.

4. Conclusions

In this study, the effect of Co doping on the electrochemical properties of PrCaMnO3−d
was analyzed from the perspective of the change in the bonding structure of oxygen.
PCMCx showed a gradual lattice contraction with increasing Co content, which is believed
to be because Co ions are smaller than Mn ions, and the B site ions are gradually oxidized
and become smaller in size with increasing Co content. Among PCMCx, PCMC0.1 showed
a lower average oxidation value of the B site than PCM, and the lattice oxygen decreased,
indicating that oxygen vacancies were formed in the lattice. As the content of Co increased,
the oxidation value of Mn and Co gradually increased, and the content of oxygen vacancies
in the lattice decreased. In addition, the absorbed oxygen species in PCMC0.1 increased,
resulting in an increase in B-O covalency. In EIS, PCMC0.1 showed the smallest polarization
resistance, and DRT analysis showed that the decrease in resistance in the IF region, which
represents the electrochemical reaction with oxygen, was the main cause.
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Abstract: In this study, we used solid-state synthesis to prepare Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3

microwave ceramics for mobile communications. Compared with Ba[Zn1/3(Nb0.5Ta0.5)2/3]O3, in the
prepared materials, Co2+ substitution with Zn2+ improved the Q × f value and enabled densification
and sintering at a lower temperature. We used X-ray diffraction (XRD) and scanning electron
microscopy (SEM) to analyze the obtained microstructure. Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 was
found to have a 1:2 ordered hexagonal structure, and its Q × f value increased with the increase in
sintering temperature. In this work, excellent microwave dielectric properties—τf = −0.7 ppm/◦C,
εr = 34.5, and Q × f = 110,000 GHz—were obtained by sintering Ba[(Zn0.3Co0.7)1/3(Nb0.5Ta0.5)2/3]O3

at 1400 ◦C for 5 h.

Keywords: ceramic; quality factor; dielectric; temperature coefficient; microwave

1. Introduction

Microwave dielectric ceramics have been widely used in the electronics industry
because of their near-zero temperature coefficient of resonant frequency and high Q × f
value. In this study, we examined the formation of substituent-free, non-stoichiometric,
vacancy-containing solid solutions of BZN in the BaO–ZnO–Nb2O5 system. The perovskite
structure can accommodate the formation of vacancies at the A position to a considerable
extent. However, the extent of vacancy formation at the B site is limited to concentrations
below 2% [1]. Relatively large concentrations of B-site vacancies change the stacking of
ABO3 layers to form a hexagonal perovskite structure, with vacancies being arranged in
an orderly manner in the resulting coplanar octahedral layer. The stoichiometric changes
induced by ZnO volatilization can promote the growth of ordered domains, increase
the degree of cation ordering and c/a lattice distortion, and improve the dielectric loss
characteristics of Ba(Zn1/3Ta2/3)O3 (BZT) [2]. A helpful effect of cation deficiency on
loss has been found in other 1:2 composite perovskites, such as BaMg1/3Ta2/3O3 (BMT)
and BaMg1/3Nb2/3O3 (BMN). A variety of different mechanisms and even contradictory
results on non-stoichiometric effects on cation ordering [3] have been reported in the
literature [3]. It has been pointed out in previous studies that BZT increases the degree
of ordering and c/a distortion due to the partial substitution of Zn with the cationic part
of the A site of Ba. The reduction of Zn and the associated reduction in the Zn–Nb ratio
increase under these conditions [4]. According to the literature, the reduction of ZnO due
to cation diffusion is enhanced by the formation of zinc ion vacancies; a higher degree
of cation ordering has been observed in free BZT powders compared with the bulk [5].
Two BZT phases with slightly different unit cell parameters and c/a ratios were reported,
and a solid explanation for the formation of zinc-deficient BZT phase was obtained by
using high-resolution X-ray scattering analysis. This observation has been explained in
terms of vacancy formation during the partial melting of the phases, which has been
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claimed to increase the degree of anti-site disorder [6,7]. There are also conflicting reports
on the effects of non-stoichiometry on grain growth and densification in these systems.
According to research, the volatilization of ZnO induces the formation of a second phase,
and densification has a negative impact on BZT. However, according to other works, the
lack of Mg2+ in BMN increases density, while excess Mg2+ hinders grain growth and
densification. Regarding A-site elements, there are also conflicting data on the effect of
non-stoichiometry on microstructure and densification [8]. However, no evidence of liquid-
phase sintering was found in another study on BaO-deficient BMT, where the samples
were prepared with (MgCO3)4·Mg(OH)2·5H2O instead of MgO [9]. In high-Ba2+-content
BNN, abnormal grain growth resulted in density differences, but uniform grain size was
also observed.

In previous studies, various conflicting findings in these systems have been reported,
highlighting the difficulties that can be encountered during the above-mentioned processes.
It can be confirmed that perovskite materials are closely related to the current trend of
extending the operating frequency range of MW wireless communications in microwave-
operating frequency bands, for example, 26–38 GHz in PtP Radiolinks, 20–30 GHz in VSATs,
28–40 GHz in local multi-point distribution systems (LMDSs), and even up to 60 GHz in
some applications.

Low-noise modules (LNBs) are used in various microwave dielectric components,
such as local multi-point distribution system (LMDS), module upconverters (BUCs), and
very-small-aperture terminals (VSATs). For various microwave system requirements, in
addition to the high quality of materials, it is also important to consider the price. Therefore,
considering that the dielectric loss is extremely low, new low-cost dielectric materials with
appropriate dielectric constants are needed [10–16].

Perovskite ceramics have good microwave dielectric properties and can be applied to
dielectric resonators. In particular, the chemical ordering of B-site cations and the tilt of
the oxygen octahedron are the main factors affecting the Q and τf values in these ceramics.
The dielectric properties of these materials are largely influenced by their perovskite struc-
ture. According to research, Ba(Ni1/3Nb2/3)O3 and Ba(Zn1/3Nb2/3)O3 ceramics have nega-
tive temperature coefficients of resonant frequency (τf), while Ba(Co1/3Nb2/3)O3 [17–20]
has a positive temperature coefficient of resonant frequency (τf). Therefore, a
(1 − x)Ba(Co1/3(Nb0.5Ta0.5)2/3)O3–xBa(Zn1/3(Nb0.5Ta0.5)2/3)O3 solid solution was studied,
and the obtained materials showed novel τf values close to zero. Ba(Zn1/3(Nb0.5Ta0.5)2/3),
specifically, has a high dielectric constant and a high Q value, while Ba[(ZnxCo1−x)1/3
(Nb0.5Ta0.5)2/3]O3 solid solutions are expected to have excellent microwave dielectric prop-
erties. Researchers have studied Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 microwave ceramics
for a long time, but (1 − x)Ba(Co1/3(Nb0.5Ta0.5)2/3)O3–xBa(Zn1/3(Nb0.5Ta0.5)2/3)O3 mi-
crowave ceramics have not been studied yet.

In this study, we used Zn2+ substitution content in Ba(Co1/3(Nb0.5Ta0.5)2/3)O3 to form
Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3, which was possible because Zn2+ (0.74 Å) has an ionic
radius close to that of Co2+ (0.745 Å) [14]. This research method greatly improved Q × f,
allowing it to reach a very high value, and ensured an extremely reliable temperature
drift coefficient for materials with stable dielectric properties. In addition, the correlations
between microstructure and microwave dielectric constant/Q × f value were also studied.

2. Experimental Procedures
2.1. Synthesis of the Samples

Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 (x = 0.1–1) samples were prepared by using solid-
state mixed oxides; the starting materials were high-purity oxide powders (>99.9%), namely,
BaO, ZnO, CoO, Nb2O5, and Ta2O5, all of which were purchased from Shanghai Aladdin
Biochemical Technology Co., Ltd., Shanghai, China. Initially, the raw materials were
meticulously weighed and mixed by using agate ball-milling in distilled water for 24 h.
Subsequently, the resulting mixtures underwent a process of drying and calcination at
1100 ◦C for 5 h. Following this, the prepared powders were subjected to another round of
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drying and ball-milling, this time for 24 h, in the presence of a binder—5 wt% of 10% PVA
solution. The resulting mixture was granulated by passing it through a 100-mesh sieve and
then molded into pellets with dimensions of 11 mm in diameter and 5 mm in thickness
using an automatic uniaxial hydraulic press at a pressure of 200 MPA. Finally, the pellets
were sintered in air at temperatures ranging from 1325 ◦C to 1475 ◦C for 5 h.

2.2. Characterization of the Samples

Cu K radiation (at 30 KV and 20 mA) and a graphite monochromator were employed
to collect both powder and bulk X-ray diffraction spectra in the 2θ range of 10◦ to 60◦. The
crystalline phases in the sintered ceramics were determined with XRD analysis using Cu
Kα (λ = 0.15406 nm) radiation, which was generated with a Siemens D5000 diffractometer
(Munich, Germany) operating at 40 kV and 40 mA. Lattice constant calculations were carried
out using GSAS software by applying the Rietveld method to fit the XRD patterns [21]. To
examine the microstructure and morphology of the sintered surface, a scanning electron
microscope (Philips XL40FEG, Netherlands) was utilized.

Furthermore, the Archimedes method was employed to determine the bulk density of
the sintered pellets. Microwave dielectric properties, including the dielectric constant and
unloaded Q, were measured in the frequency range of 6–12 GHz using the post-resonant
method, as recommended by Hakki and Coleman [22]. This technique involves the use
of parallel conducting plates and coaxial probes operating in TE011 mode, where “TE”
signifies transverse electric waves. In TE011, the first two subscript integers indicate the
waveguide mode, and the third integer indicates the order of resonance within a progres-
sively increasing set of discrete resonant lengths. The measurement of the temperature
coefficient of resonant frequency was conducted over a temperature range spanning from
20 ◦C to 80 ◦C. Additionally, for the measurement, we employed an HP8757D network
analyzer and an HP8350B sweep oscillator (HP, Palo Alto, CA, USA) in combination.

3. Results and Discussion

Figure 1 shows the XRD patterns of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics
(with x values from 0.1 to 0.9) sintered at 1400 ◦C for 5 h. The 1:2 ordered structure was
found in Ba(Zn1/3Nb2/3)O3 ceramics sintered at lower temperatures that presented x values
from 0.1 to 0.5, but this structure disappeared in BZN ceramics sintered above 1400 ◦C
due to the evaporation of Zn2+. Therefore, the disturbance of the 1:2 ordering occurring in
Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics with an x value below 0.7 could be attributed
to higher Zn2+ content and Zn2+ evaporation during the sintering process. Furthermore,
the XRD patterns revealed the absence of a secondary phase, and all identified peaks
successfully matched the simple perovskite unit cell. The negligible shift in the diffraction
peaks with the increase in the value of x can be attributed to the nearly identical ionic
diameters of Zn2+ and Co2+. This suggests that the substitution of Co2+ with Zn2+ across
the entire composition range does not significantly alter the lattice parameters.

Figure 2 shows the SEM micrographs of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ce-
ramics sintered at 1400 ◦C for 5 h. With the increase in Zn2+ content in Ba[(ZnxCo1−x)1/3
(Nb0.5Ta0.5)2/3]O3 ceramics, the average grain size increased and the shape became more
square. At the sintering temperature of 1400 ◦C, with the increase in Co2+ content, the
observed grain size was smaller than at the relatively low sintering temperature, resulting
in higher porosity. Poor grain growth leads to smaller grain size, resulting in more pores
and reducing bulk density.

Figure 3 shows the relative density of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics
as a function of their sintering temperature. It is important to observe that the relative
density exhibited an initial increase with the increase in sintering temperature, reaching a
peak at 1400 ◦C. However, a subsequent decrease in relative density occurred at sintering
temperatures beyond 1400 ◦C, although this was not notably significant. Furthermore, it is
worth noting that the relative density consistently exceeded 95.5% of the theoretical density
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for all specimens. The sintering temperature exhibited a decrease with the increase in Zn2+

content (x = 0.5), enabling the sintering of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 at 1400 ◦C.
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Figure 1. X-ray diffraction patterns of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics sintered at
1400 ◦C for 5 h.

Ceramics 2024, 7, FOR PEER REVIEW  5 
 

 

 

  
(a) x = 0.1 (b) x = 0.3 

  
(c) x = 0.5 (d) x = 0.7 

 
(e) x = 0.9 

Figure 2. SEM photographs of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics sintered at 1400 °C for 5 h. 
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Figure 2. SEM photographs of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics sintered at 1400 ◦C for 5 h.
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Figure 3. Relative density of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics sintered at different
temperatures.

The dielectric property of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics sintered
at various temperatures was a function of their x value, as illustrated in Figure 4. The
correlations observed between εr value and sintering temperature mirrored the trends
observed in the relationship between relative density and sintering temperature. The
dielectric constant exhibited a slight increase with the increase in sintering temperature. It is
important to note that the dielectric constant of a microwave dielectric ceramic is influenced
by ionic polarizability [23], that is, the εr values of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3
increase with the Co2+ substitution with Zn2+, as mentioned above. The ionic polarizability
(αobs) of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 samples was estimated in order to clarify
the effects of Co2+ substitution with Zn2+ on the dielectric constant by using the following
equation [24]:

εr =
3Vm + 8παm

3Vm − 4παm
(1)
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In Equation (1), εr, Vm, and αm are the relative permittivity, molar volume, and
macroscopic polarizability, respectively. The macroscopic polarizability (αm) was calculated
by using the experimental relative permittivity and unit cell volume data. The data reported
in Table 1 reveal an almost sigmoidal increase in theoretical polarizability with Zn2+ content,
whereas the unit cell volume increased with x. The relative permittivity increased with αm,
and this increase was very rapid as the value of αm approached 3Vm/4π. It has previously
been reported that the macroscopic polarizability of a complex system with ideal symmetry
can be determined by the sum of the polarizability values of the constituent cations [25], i.e.,

αm = Σ α (ions) (2)

Table 1. Lattice parameters, cell volume, ionic polarizability, and εr data of sintered
Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 samples.

x= 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8 0.9

a (Å) 5.7753 (2) 5.7756 (2) 5.7761 (5) 5.7784 (1) 5.78025 (3) 5.78123 (1) 5.78237 (6) 5.78242(1) 5.78415 (3)
b (Å) 5.7753 (2) 5.7756 (2) 5.7761 (5) 5.7784 (1) 5.78025 (3) 5.78123 (1) 5.78237 (6) 5.78242 (1) 5.78415 (3)
c (Å) 7.0873 (4) 7.0874 (3) 7.0873 (1) 7.0873 (4) 7.0874 (1) 7.0872 (3) 7.0873 (2) 7.0871 (2) 7.0873 (1)
Vm (Å 3) 204.7612 204.8312 204.9012 204.9712 205.0412 205.1112 205.1812 205.2512 205.3212
αm (theoretical) 46.82 46.83 46.86 46.89 46.9 4.692 46.93 46.94 46.96
αm (exp.) 44.73 44.77 44.78 44.85 44.93 44.98 45.08 45.12 45.3
εr (cal.) 33.5 33.8 33.9 34.5 35.3 35.8 36.8 37.2 39.2
εr (measured) 33.31 33.61 33.71 34.3 35.09 35.59 36.58 36.97 38.95

The theoretical polarizability (αm(theoretical)) calculated according to Equation (2) was
compared with the experimental polarizability (αm(exp.)) determined with Equation (1), as
shown in Table 1. It is worth noting that theαm (exp.) of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3
end-member was larger than its αm (theoretical) value. Shannon [25] noted that devia-
tions from the additivity of ion polarizability can occur when the cation size changes
and cation compression or vibration occurs at structural sites. Therefore, the lower
αm(exp.) value of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 may have been due to the com-
pression effect caused by the large difference in ion polarizability between Co2+ and Zn2+,
which is consistent with the harmonic oscillator model. Consequently, in the studied
Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics, the polarizability increased with the Zn2+

content, and so did the dielectric constant, according to Equation (1).
Figure 5 shows the Q × f values of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics

sintered at various temperatures; it can be seen that the Q × f value was a function of the x
value. For the samples with x < 0.3, the Q × f value was high, above 90,000 GHz, similar to
that of Ba(Co1/3(Nb0.5Ta0.5)2/3)O3. On the contrary, for the specimens with x > 0.5, their
Q × f value was below 90,000 GHz, similar to that of Ba(Zn1/3(Nb0.5Ta0.5)2/3)O3.

Since the microstructures of the specimens with x < 0.5 and x > 0.5 were similar to
those of Ba(Co1/3(Nb0.5Ta0.5)2/3)O3 and BZN ceramics, respectively, it is considered that
the Q-values of these Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics are closely related to
the microstructures of the specimens. With the increase in sintering temperature, the Q × f
value increased to a maximum value but subsequently decreased. A maximum Q × f value
of 120,000 GHz was obtained for a Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 (x = 0.1) ceramic
sample at 1400 ◦C. Microwave dielectric losses are mainly caused by lattice vibration
modes, pores, second phases, impurities, and lattice defects [26]. Moreover, the relative
density also increases the dielectric loss, as has been shown in other microwave dielectric
materials. It is well known that the Q value of a dielectric material is influenced by
intrinsic and extrinsic factors, where one factor is the interaction between polar phonon
vibration and the microwave electric field in crystals while the other depends on order–
disorder transition, pore density, grain size, oxygen vacancies, and impurity phases in
ceramics. The intrinsic Q value sets an upper limit for pure and defect-free single crystals
and can be quantitatively described by the well-known classical damped oscillator model
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in the microwave frequency range. In this model, when using one-phonon absorption
approximation, the roughly reciprocal relationship between Q × f and permittivity (ε) can
be expressed as

Q × f ∝ εr
−1 (3)

where the frequency (f) should be restricted to the vicinity of the phonon engine frequency of
1012 Hz at room temperature for the estimate to be valid. However, a series of experiments
at room temperature demonstrated that the extrapolation of Equation (3) from microwave
frequencies down to a few megahertz, that is, one to four orders of magnitude lower than
optical phonon engine frequencies, can also be used to obtain a satisfactory dielectric Q
order for well-processed ceramics. The experimental results, however, revealed that the
dependence of Q × f on εr only generated Q × f α εr

−0.6, indicating that the rate of increase
in the Q × f value with εr is very smooth compared with Equation (3). The most likely
cause of this phenomenon may have exogenous origins. On the other hand, the porosity of
dielectric materials has an adverse effect on the Q× f value, and different dielectric materials
present different degrees of influence. For ceramics with low dielectric Q × f values of the
order of 103 GHz, the effect of porosity on the dielectric Q value can be illustrated as [27]

Q = Qo(1 − 1.5P) (4)

where Qo is the intrinsic quality factor measured by using microwave reflectance spec-
troscopy and P is the porosity. For ceramics with high Q × f values of the order of
105–106 GHz, such as polycrystalline Al2O3 ceramics, even a small amount of porosity can
significantly reduce the dielectric Q value as [28]

1
Q

= (1− P)
1

Qo
+ A′P(

P
1− P

)
2/3

(5)

where Qo is the full-density quality factor (1.565 × 10−5), A′ is a constant with value
9.277 × 10−3, and P is the porosity. According to Equations (4) and (5), the Ba[(ZnxCo1−x)1/3
(Nb0.5Ta0.5)2/3]O3 end-component in the present study presented 8% porosity. The Q × f
value was high for the specimens with x ≤ 0.5, but it decreased when x exceeded 0.5.
The Q × f value of the specimens was greatly affected by the microstructure, as shown in
Figure 1. The 1:2 ordering structure only appeared in the specimens with x values from 0.1
to 0.5, while this structure does not exist in Ba(Zn1/3(Nb0.5Ta0.5)2/3)O3 ceramics.
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Figure 6 shows that the τf value of Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics sin-
tered at various temperatures was a function of the Zn2+ content. The τf linearly increased
with the x value, and it was close to zero when x = 0.3. The remarkable variations in the
τf values of the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics were obtained by replacing
Co2+ with Zn2+, and these values ranged from −7.2 to 20 ppm/◦C. Therefore, it is be-
lieved that for high-frequency dielectric resonator applications, the τ_f value needs to be
further increased.
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τf = αl −
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τε (6)

where αl is the linear thermal expansion coefficient and τε is the temperature coefficient
of permittivity. Because the αl of a microwave dielectric material is known to be in the
range of 0 to 10 ppm/◦C and assuming that the αl of a Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3
ceramic is independent of the x value, τ_f mainly depends on τε. Moreover, by plotting the
trend of τf values versus permittivity for the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics,
it was found that the τf values increased from−7.2 to 20 ppm/◦C and linearly depended on
the x values increasing from 0.1 to 1. It can be seen that the τf value has a linear relationship
with the x value.

4. Conclusions

The phase stability of Ba(B1/3′
2+ B2/3′

′5+)O3 microwave media with complex per-
ovskite structures was studied by using first-principles calculations. The experiment
showed that many Ba(B1/3′

2+ B2/3′
′5+)O3 (B1/3′

2+ = Co, Mg; B′′5+ = Nb, Ta) compounds
should be completely ordered in equilibrium in the 1:2 B-site structure of the space
group P

_
3m1(D3

3d). Our calculations are not consistent with the experimental results on
Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 but with many experimental results on other Ba(B1/3′

2+

B2/3′
′5+)O3 components. We found that the greater the stability of the ordered 1:2 structure

relative to the disordered phase was, the higher the measured microwave quality factor
was. The results show that the difference in the ionic radius and electronegativity of B′ and
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B” ions exhibited no relationship with phase stability. The results show that aberrations
were induced by B-site cations or ordering and were enhanced by more stable and ordered
structural phases.

In the Ba[(ZnxCo1−x)1/3(Nb0.5Ta0.5)2/3]O3 ceramics, a 1:2 ordered hexagonal structure
was observed in samples with x ≤ 0.5. τf increased with the increase in x, and the τf of
the sample with x = 0.3 was close to zero. When x ≤ 0.5, the Q × f value was higher, but
it decreased when x exceeded 0.5. The Q × f value of a sample was greatly influenced
by the microstructure. In this work, Ba[(Zn0.3Co0.7)1/3(Nb0.5Ta0.5)2/3]O3 ceramics were
sintered at 1400 ◦C for 5 h to obtain τf = −0.7 ppm/◦C and excellent microwave dielectric
performance, with εr = 34.5 and Q × f = 110,000 GHz. The proposed dielectric material has
extremely low losses and shows promise for microwave and millimeter-wave applications.
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