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Optical Second Harmonic Generation on LaAlO3/SrTiO3
Interfaces: A Review
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Abstract: As we approach the limits of semiconductor technology, the development of new materials
and technologies for the new era in electronics is compelling. Among others, perovskite oxide
hetero-structures are anticipated to be the best candidates. As in the case of semiconductors, the
interface between two given materials can have, and often has, very different properties, compared
to the corresponding bulk compounds. Perovskite oxides show spectacular interfacial properties due
to the the rearrangement of charges, spins, orbitals and the lattice structure itself, at the interface.
Lanthanum aluminate and Strontium titanate hetero-structures (LaAlO3/SrTiO3) can be regarded
as a prototype of this wider class of interfaces. Both bulk compounds are plain and (relatively)
simple wide-bandgap insulators. Despite this, a conductive two-dimensional electron gas (2DEG) is
formed right at the interface when a LaAlO3 thickness of n ≥ 4 unit cells is deposited on a SrTiO3

substrate. The 2DEG is quite thin, being confined in only one or at least very few mono-layers at the
interface, on the SrTiO3 side. A very intense and long-lasting study was triggered by this surprising
discovery. Many questions regarding the origin and characteristics of the two-dimensional electron
gas have been (partially) addressed, others are still open. In particular, this includes the interfacial
electronic band structure, the transverse plane spatial homogeneity of the samples and the ultrafast
dynamics of the confined carriers. Among a very long list of experimental techniques which have
been exploited to study these types of interfaces (ARPES, XPS, AFM, PFM, . . . and many others),
optical Second Harmonic Generation (SHG) was found to be suitable for investigating these types of
buried interfaces, thanks to its extreme and selective interface-only sensitivity. The SHG technique
has made its contribution to the research in this field in a variety of different and important aspects.
In this work we will give a bird’s eye view of the currently available research on this topic and try to
sketch out its future perspectives.

Keywords: non-linear optics; perovskite hetero-structures; 2D electron gas

1. Introduction

Nowadays, almost every modern electronic device, such as computers, music players,
mobile phones, as well as opto-electronic devices [1], is equipped with chip-sets made
of semiconductors. However, the bulk characteristics of most semiconducting materials
are rather simple. Their true advantage and their functionality lie within the transport
of charge carriers across or along the interfaces between different materials. Prominent
examples are p–n junctions, Schottky contacts and diodes, as well as various transistor
designs [2]. Around the year 2000, the progress in the field of semiconductor technology
was described by Moore’s law, which holds that the number of transistors that can be placed
on an inexpensive integrated circuit doubles approximately every two years. For years,
the validity of Moore’s law was supported by refined chip-set fabrications processes that
allowed for rapidly shrinking transistor sizes. However, around the year 2010, the trend
started to break with indications that the doubling in transistor capabilities would occur
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every three years instead. Approaching the limits of semiconductor technology, the search
for new materials and new interface phenomena is inevitable. A promising candidate are so-
called complex oxide hetero-structures. This material class was found to show spectacular
interfacial properties that are not present in the majority of the constituents due to the
rearrangement of charges, spins, orbitals and the re-balancing of the lattice structure at
the interface. Notorious examples are BaTiO3/SrTiO3/CaTiO3 hetero-structures that show
an enhancement of polarization compared to pure BaTiO3, caused by the breaking of the
inversion symmetry in the hetero-structure [3]; non-superconducting BaCuO2 and SrCuO2
that show superconductivity when grown as a hetero-structure [4]; and antiferromagnetic
CaMnO3 and paramagnetic CaRuO3, which show ferromagnetism at the interface [5].

In 2004, A. Ohtomo and H.Y. Hwang at Bell Laboratories discovered that, at the
interface between LaAlO3 and SrTiO3, two textbook band insulators, a conducting two-
dimensional electron gas (2DEG) emerges depending on the thickness of LaAlO3 and
the precise atomic stacking sequence [6]. This discovery unleashed an intense research
effort in order to understand this unexpected new property that possesses huge potential
for future applications [7–14]. Most recently various new phenomena in LaAlO3/SrTiO3
interfaces were reported, ranging from superconductivity [15] and ferromagnetism [16]
to tip-induced conductance [17]. In particular, the coexistence of both superconductivity
and ferromagnetism, which are normally two mutually exclusive phenomena as ferromag-
netism destroys the singlet correlations responsible for the pairing interaction leading to
superconductivity, astonished the scientific community [18–20].

The large variety of properties highlights the key role of the LaAlO3/SrTiO3 inter-
face as a model compound to understand the new physics at complex oxide interfaces.
The coexistence of phases confined to a two-dimensional layer highlights the importance
of a precise understanding of the LaAlO3/SrTiO3 interface on the route towards future
applications. However, only little is known about the exact mechanisms that lead to the for-
mation of the observed interfacial electronic properties. Widely-accepted models accurately
describe the emergence of the conducting two-dimensional electron gas, but do not give
a complete picture of the underlying phenomena and microscopic physics. In particular,
this includes the localization of charge carriers [21,22]; growth-induced defects, such as
oxygen vacancies [23]; and the stabilization of local inhomogeneities [17] at the interface.
Hence, the question whether an extrinsic or intrinsic mechanism yields the conducting
state at the LaAlO3/SrTiO3 is still a highly debated topic in the literature [24–29]. To clarify
this key question, detailed knowledge about the electronic structure at the interface of the
pathway to the formation of the two-dimensional electron gas is required.

The optical Second Harmonic Generation (SHG) process is essentially the genera-
tion of a light wave with the frequency 2ω by doubling the frequency ω of the incident
wave [30–32]. The measured SHG signal, i.e., the intensity of the double-frequency wave, is
proportional to the absolute square of the second order susceptibility tensor χ̂(2). The SHG
levels diagram and the basic idea of the experimental layout is given in Figure 1 together
with the labeling of the axes and polarization directions. The model which describes the
process will be addressed in the following section. Here, we would like to focus first on the
most relevant point: because of the very thin region which is affected by the 2DEG, one
needs a powerful and non-invasive technique specifically sensitive to thin interfaces, and
SHG is ideal with respect to these issues. The reason for this lies in the sensitivity of SHG
to the symmetry of the system. A very simple and general argument shows that, under
the dipole approximation, the SHG signal vanishes in any centro-symmetric medium, i.e.,
when the system is insensitive upon inverting each ion position from the point −→r to the
point −−→r . This strong symmetry can be fully achieved, evidently, only if the material
extends to an infinite size in space. The presence of a surface geometrically hampers the
inversion symmetry, regardless of any property of the material, and, therefore, any interface
(a surface is nothing but an interface with vacuum) acts as a source of SHG signal [33].
One can regard the issue also by looking at the alteration of the arrangement of the ions
in the bulk; the breaking of the inversion symmetry in a condensed matter system corre-
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sponds directly to a shift of ionic and electronic charges, and the SHG probes the resulting
polarization. It is very important to understand that, for the above mentioned reasons,
there is no pre-determined “probing depth” of SHG, as there is for many other surface
techniques, such as ARPES and others. The optical wavelengths typically employed in
experiments are in the 100 nm to the micrometer scale, and the penetration length could be,
depending on the specific material, up to meters or more. This is irrelevant as the bulk of
the centro-symmetric material will be illuminated by the incident light, but it will not emit
any signal. The emitting region of the SHG signal instead covers the region affected by
the symmetry breaking, i.e., the region where the material differs significantly by its bulk
structure.

Figure 1. Experimental scheme and polarization geometry. The input fundamental light with
frequency ω is converted to its Second Harmonic by 90◦ reflection on the sample surface. The generic
input polarization angle is α while the output polarization angles are fixed to be parallel to the
incident plane (p), to the sample surface (s), or at 45◦ (d). In the upper panel, the SHG energy levels
diagram is shown.

The main objective of this review is an experimental in-depth analysis of the optical
non-linearities at the LaAlO3/SrTiO3 interface as driven by the electronic structure and
its modification with increasing number of LaAlO3 mono-layers. This is achieved by
exploiting the light-polarization, spectral, spatial, and temporal degrees of freedom of
SHG. Throughout this review, fundamental questions such as the role of localized carriers,
the presence and influence of structural inhomogeneities, and the carrier dynamics across
the interface are addressed. In particular, this includes the notorious discussion about
the extrinsic or intrinsic origin of the two-dimensional electron gas at the LaAlO3/SrTiO3
interface. Hence, the experimental results here presented enhance the understanding of
the puzzling mechanisms yielding two-dimensional conduction, as well as the temporal
dynamics involved, whose time scales are of fundamental importance for possible future
applications, such as optical devices with ultrashort switching times. In the following, we
will use the abbreviations LAO and STO for LaAlO3 and SrTiO3, respectively.

2. Theoretical Background

We report here, for the sake of clarity the first part of the SHG theory developed in
Ref. [34], and we refer the reader to that work for further details.

Under very general circumstances, the dielectric polarization density, i.e., the dipole
moment per unit volume

−→
P (t) can be expanded as the electrical field power series of the
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incoming wave
−→
E (t). A simplified expression for this, that terminates the Taylor expansion

to the third term, is the following:

−→
P (t) ∼ ε0

(
χ̂(1)−→E (t) + χ̂(2)−→E 2(t) + χ̂(3)−→E 3(t)

)
(1)

where ε0 � 8.85 × 10−12 F·m−1 is the dielectric constant in vacuum and χ̂(n) are the expan-
sion coefficients, also known as non-linear susceptibilities. The non-linear polarization

−→
P (t)

will act as a source of electromagnetic radiation in the wave equation. We are interested
particularly in the second term, where the second power of a field oscillating at frequency
ω will clearly give an oscillation of the non-linear polarization at double frequency 2ω,
and, therefore, a far-field wave ESHG oscillating at this frequency. Equation (1) does not
show the tensorial nature of the non-linear susceptibilities χ̂(n) explicitly. Assuming the
oscillatory behavior of second polarization term

−→
P (2)(t) and the electric field

−→
E (t) with

complex amplitudes P(ω) and E(ω), respectively, let us rewrite the second term alone,
assuming the sum over repeated indices:

P(2)
i (2ω) = ε0χijk(2ω)Ej(ω)Ek(ω) (2)

where the apex (2) has been removed on the tensor components for the sake of simplicity. It
is seen in Equation (2) that if we apply the inversion operator on centro-symmetric crystals,
all vectors (as they are true vectors and not pseudo-vectors) are changing their sign, while
the material-related susceptibility does not (because of the inversion symmetry), so that we
obtain P(2)(2ω) = −P(2)(2ω) which can hold true only if the SHG signal is vanishing, as
already discussed in the Introduction.

To be useful, the SHG technique must establish a clear interpretive link between the
measurable χ̂(2) “macroscopic” tensor (or its variations) and the microscopic quantities of
interest, for example in terms of electronic band occupation, orbital reconstructions, etc.
Regardless, before entering this complex problem, we should first recognize that, in case
of LAO/STO as well as any other interface, there are two possible sources of signal, i.e.,
two distinct interfaces, the LAO/STO and the LAO/air (or vacuum), and the signals from
them can also interfere as the sub-wavelength distance of the two regions ensures a strong
coherence in any given experimental condition. In the case of LAO/STO hetero-structures,
the SHG signal, comes predominantly from the LAO/STO interface and it is generated
mainly on the STO side of the interface [35]. It should be not a surprise, therefore, that a
non-vanishing SHG signal was found also in the bare STO substrate, and its characteristics
are essential—as we will discuss in the following sections—as a reference for evaluating
the alterations induced by the presence of a LAO overlayer, instead of air.

The intensity of the SHG signal is the actually measured quantity in SHG experiments.
Depending on the particular experiment, we can change the parameter which drives the
changes in the SHG signal, we record SHG Spectroscopy as a function of the incident
photon energy h̄ω, SHG Imaging as a function of the spatial coordinates on the sample
surface, SHG Polarimetry as a function of the input/output waves polarizations, and so
forth, not to mention external parameters, such as temperature or bias electromagnetic
fields. In every case the signal is proportional to the square of the reflected SHG electric
field, ISHG ∝ |ESHG|2. Equation (2) refers to the electromagnetic fields inside the material,
but we can only access the fields outside of it. Therefore, we need to re-write that equation
keeping into account the Fresnel tensors L̂in,out which couple the electric fields of the
incident and emitted light to those which are present inside the interface. By also taking
into account the time dependence of the fields and after a straightforward calculation,
we have:

ESHG =
iωE2

0
ε0c cos β

χeff (3)

4
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where c � 2.99 × 108 m/s is the speed of light in vacuum, E0 is the amplitude of the
impinging wave, β is the angle of incidence, and χeff is defined as follows:

χeff =
∫

eout
i Lout

ii χijkLin
jj Lin

kkein
j ein

k dz, (4)

where ei,j,k are the optical polarization unit vectors in a vacuum. This approach is valid as
long as the integration thickness is much smaller than the wavelength.

We now introduce a Cartesian reference system having the interface plane oriented
along the xy plane and the z-axis perpendicular to it, in such a way that the incident plane
is xz. We assume that both input and output waves are linearly polarized, with an arbitrary
polarization angle α with respect to the incidence plane. The electric field unit vectors are
then the following:

ein = (cos α cos β, sin α, cos α sin β)

eout = (− cos α cos β, sin α, cos α sin β) (5)

At this point it is very convenient to introduce a short notation for specific polariza-
tions: p for a direction parallel to the plane of incidence (α = 0), s parallel to the interface
plane (α = π/2 ), and d oriented about 45◦ between p and s (α = π/4).

As mentioned, we can neglect the contribution of the LAO–air interface, and so the
three non-zero components of the Fresnel tensor L can be approximated by the following
expressions

Lxx =
2 cos β′

n cos β + cos β′

Lyy =
2 cos β

cos β + n cos β′ (6)

Lzz =
2 cos β

n(n cos β + cos β′)

where n is the refractive index of the SHG-active interface, the STO substrate in this case
and β′ the propagation (refraction) angle inside the medium. Let us note that the refractive
index is dependent on the light frequency. Therefore, it must be calculated at ω (2ω) when
considering the input (output) wave.

At room temperature, SrTiO3 crystallizes in the ABO3 cubic perovskite structure.
The presence of a (001)-cut surface/interface lowers the symmetry to have a four-fold
rotation around the surface normal and two vertical mirror planes, so that the space group
it belongs to is the 4mm in the Hermann–Mauguin notation, or C4v in the Schoenflies
notation, which possesses five different irreducible representations, named A1, A2, B1, B2,
and E. When considering the material electronic states associated with these symmetry
representations, the first four identify singlet states and the last a doublet. A1 is the fully
symmetric state, which behaves like 1, z or z2; A2 is odd with respect to both σv and σd
inversion planes and behaves like the rotation matrix Rz; B1 is odd with respect to π/2
rotations and σd reversals, and behaves like x2 − y2; B2 is odd with respect to π/2 rotations
and σv reversals and behaves like xy, and the doublet E behaves like the variables x, y or
the products xz, yz [36].

The allowed tensor component of the non-linear susceptibility for the 4mm group are:
χzzz

χzxx = χzyy (7)

χxxz = χyyz = χxzx = χyzy

By substituting Equations (5)–(7) in Equation (4) we obtain the expression of χeff for
the noticeable polarization combinations shown in Figure 1 p-input p-output (pp), s-input
p-output (sp), and d-input s-output (ds),

5
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χeff
sp = χzxxδLout

zz (Lin
yy)

2 sin β

χeff
ds = χxxzδLout

yy Lin
yyLin

zz sin β (8)

χeff
pp = χzzzδLout

zz (Lin
zz)

2 sin3 β + (χzxxdLout
zz Lin

xx)− 2χxxzdLout
xx Lin

zz)Lin
xx sin β cos2 β,

where δ denotes the effective thickness of the polar interface and the χijh are space-averaged
across this thickness. Now the choice of the input/output polarization can be understood;
only one element of χ̂(2) is present in sp and ds expression, and namely χzxx and χxxz
respectively, while the third element χzzz cannot be experimentally isolated, but it can
be calculated starting from experimental data after proper subtraction of the sp and ds
components. The sets of sp, ds, and pp polarizations provide the full set of tensor ele-
ments; although it is not the only choice, it is the most simple and straightforward for
the experiments. It is worth noting that a similar calculation has been carried out for
other crystal orientations as well and, namely, (110), symmetry group mm2 in Hermann–
Mauguin notation or C2v in the Schoenflies notation and (111), symmetry group 3m or C3v.
The explicit calculations are present in Ref. [37], together with the SHG experimental
results on those particular crystal orientations, we will briefly discuss these non-standard
orientations in a dedicated section of this review and we remind the reader to that reference
for details.

When discussing the resonance structure of χ̂(2), one has first to make very general
assumptions, including that (i) the bulk system is perfectly centro-symmetric, (ii) the
surface/interface induced symmetry breaking only occurs along the z direction, and (iii)
the effect of the symmetry breaking is not too large, i.e., it can be evaluated within the
dipole approximation. These points imply that the parity is broken along z but not along
x and y, so that the interfacial electronic states can be either even or odd by inversion of
the x,y coordinates. Moreover, we recognize that the full 4mm symmetry holds only in the
center of the Brillouin zone (Γ point), whereas in other points it is partially broken by the
crystal momentum k �= 0. Finally, we remark that any resonant SHG can be of three types:
resonant at the fundamental photon energy, resonant at the doubled photon energy, and
resonant at both energies. Having all this in mind, one additional ingredient is needed
before discussing the SHG resonances, the material band-structure.

3. LAO/STO Structure and Properties

The bulk optical gap of STO is known to be associated primarily with a transition from
oxygen 2p to titanium 3d-T2g orbitals. Its typical perovskite crystal structure is sketched in
Figure 2. The Ti4+ ions are sixfold coordinated by O2− ions, while each of the Sr2+ ions
is surrounded by four TiO6 octahedra, highlighted in green in the figure. Thus, each Sr2+

is coordinated by 12 O2− ions. Inside the TiO6 octahedra, while a hybridization of the
O2p states with the Ti3d states leads to a pronounced covalent bond, Sr2+ and O2− have
an ionic bonding character. Hence, SrTiO3 has mixed ionic-covalent bonding properties
and this leads to a unique structure, which makes it a model electronic material. For a
given planar direction, for example (100), which is the most commonly used direction for
growing LAO/STO hetero-structures, there are always two distinct types of equally spaced
alternating atomic planes, with different arrangements of the two components, namely
SrO-planes and TiO2-planes, sketched in Figure 2b,c. A transition from cubic to tetrahedral
symmetry occurs if the temperature is lowered below approximately 100 K, or if a foreign
cation/dopant is introduced into the lattice. The distortions are attributed to three main
effects, dimensional effects, deviations from the ideal composition and the Jahn-Teller effect.
An important example, which will be discussed in detail in the next sections, belongs to the
second class. Oxygen-deficient strontium titanate is formed if the valence of the Ti cation
is changed, either by heat treatment in an oxidizing/reducing atmosphere or by doping
in the Sr sub-lattice. The oxygen content varies accordingly and the oxygen vacancies
are sorted preferentially with respect to the local structure, i.e., a tetrahedral coordination.
Non-stoichiometric thin layers of LAO can alter the ionic organization too via proximity
effects, which lead to non-trivial behavior of the 2DEG at the interface. The second order
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Jahn–Teller effect is responsible for other types of distortions of the perovskite structure,
namely a ferroelectric distortion of the cations at the Sr site, but this issue will not be
addressed here.

Figure 2. (a) 3D SrTiO3 perovskite unit cell. The solid lines represent the cubic cell borders while the
dashed lines represent the TiO6 octahedral cage which highlights the Ti-O coordination. (b,c) 2D
view of the titanium oxide (b) and strontium oxide (c) planes.

In its stoichiometric form, SrTiO3 is an insulator with an indirect band gap of 3.2 eV (at
T = 0 K) separating the valence band and conduction band. The six-fold coordination of Ti
ions from the surrounding oxygen cage creates a crystal field which splits the degenerate
states of Ti−3d by 2.4 eV between T2g and eg symmetries. Figure 3a shows a sketch of
the electronic structure where the cation has electron configuration d0. The valence band
which corresponds to the highest occupied molecular orbitals (HOMO) is composed mainly
of oxygen orbitals 2s and 2p and the conduction band which corresponds to the lowest
unoccupied molecular orbitals (LUMO) is mainly cationic, arising from empty Ti-d states.
The gap between the HOMO and LUMO states makes SrTiO3 a band insulator. The Sr
cations in SrTiO3 are, in general, strongly electro-positive and, therefore, play a minor role
in the electronic structure. In any case, they play an important role in modifying the TiO6
connectivity of the perovskite structure and, thus, the electronic structure, but this happens
mainly because of their physical size, i.e., the fraction of the unit cell volume they occupy.
Indeed, the presence of “intrinsic defects”, such as ionic vacancies or structural displace-
ments can lead to modifications of the electronic structure and electronic conductivity of
the material, just in a similar way to extrinsic defects, such as dopants. Adding vacancies
or doping elements in the SrTiO3 lattice creates defects with an effective charge relative
to the host lattice. In this review, we will focus mainly on two different source of intrinsic
and extrinsic effects, and namely oxygen vacancies and Nb5+ (in replacement of Ti4+ ions)
dopants. The former plays a crucial role in the discussion about the origin of the 2DEG, as
for many years the exact role of oxygen vacancies, which are to some extent very difficult to
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control, generated a long-lasting scientific dispute. The latter has been chosen as a typical
source of extrinsic doping, to be compared with the intrinsic vacancy-induced conduction
and with the interface-induced 2DEG.

Figure 3. (a) Different arrangements of O (2p) orbitals forming the highest occupied molecular
orbitals (HOMO) are indicated. In the bulk, they are grouped in triply degenerate levels according to
the cubic m3m symmetry, but at the surface the symmetry is broken (local 4mm symmetry) and the
degeneracy between the singlet and doublet states is removed. (b) The O(2p)–Ti(3d) 2ω transitions
allowed for all three symmetry components χijk within the symmetry group 4mm according to
Equation (7). Reprinted with permission from Ref.[38].

4. Experimental Methods

The experimental methods used to prepare the samples and to perform the SHG
measurements are different for every work covered in this review. Nonetheless, in this
section we will give a very brief overview on the most common and widely used techniques
and we would like to remind the interested readers to the cited references for more details.
Thin LaAlO3 films are grown on SrTiO3 usually by Pulsed Lare Deposition (PLD) technique,
assisted by high-energy electron diffraction (RHEED) oscillations, used to monitor the
epitaxial growth and to count the number of deposited monolayers. Typical growth
temperature and base oxygen pressure can significantly vary, but usual values are about
∼800 ◦C and 10−4 mbar. In fewer cases, the growth technique of choice is Molecular
Beam Epitaxy (MBE) with substrate temperatures in the range 700–800 ◦C. Typical values
of interfacial sheet conductance are σS = 10−5– 10−4 Ω−1 at 300 K for samples above
conduction threshold. The typical light-source for the experiments here reported is a Ti:Sa
laser with ultrashort pulses ranging between 35 and 130 fs, with pulse energies in the

8



Materials 2023, 16, 4337

range of the few μJ and fluences around 1–10 mJ/cm2. For spectroscopy experiments, the
laser fundamental light at 800 nm is converted by an Optical Parametric Amplifier to any
wavelength in the range 250–2500 nm. The optical setup depends on the specific experiment,
of course, but, in general, the emerging SHG signal is collected in reflection geometry, for
several reasons. First of all, the presence of a thick bulk substrate may contribute to the
signal via electric quadrupole, hampering the effort of achieving an interface-only sensitive
signal. On the other hand, the back side is usually not optically polished and it is covered
by silver glue, which is necessary during the sample growth. Therefore, the glue should
be removed after growth, with the risk of contaminating the interface side of the sample.
The fundamental light is finally filtered out by optical filters, and the SHG is usually
detected by means of photo-tubes or, for imaging experiments, projected with photographic
objectives onto a high-sensitivity liquid-nitrogen-cooled digital CCD camera.

5. SHG Spectroscopy

Figure 4 shows the pp, ds, and sp spectra for different LAO coverage n ranging from 0
to 12 mono-layers in the energy range 3.2–4.2 eV. Between 1.5 and 3.2 eV all spectra are flat
and featureless and, therefore, this energy range is not very informative from a spectroscopic
point of view and it is not shown in the figures. On the other hand, energies above 4.2 eV are
difficult to access experimentally. A marked increase in SHG yield of about 3.6 eV is visible
in all samples, and this energy corresponds to the edge of the direct O(2p)→Ti(3d) band-gap
transition in STO [35,39]. However, the main peak is found at around 3.8–4.0 eV. Looking
to the ellipsometry data found in the cited literature [40,41], this energy corresponds to a
maximum of the dielectric function. Such a clear spectroscopic feature in the SHG spectra
shows that the SHG probes the STO electronic structure and it is driven by the O(2p) and
Ti(3d) orbitals involved in the local surroundings of the interface. Another important piece
of information is obtained by the comparison of different SHG spectra as a function of n,
where n is the number of LAO over-layers. The integrated SHG yield is small for n = 0
and n = 1 and it becomes slightly larger for n = 2. Regardless, at n = 3, a sudden and
substantial boost in all components and across the spectral range takes place. Let us note
that different n = 3 samples can exhibit a really strong sample-to-sample variability. Let us
remark here that the onset of 2D conduction at the interface happens only when n ≥ 4 and
none of the n = 3 samples is found to be conductive, including those with high SHG yield.
The observation of a threshold value for a discontinuous structural transition preceding the
onset of conduction was first reported in 2009 by Savoia and co-authors [42] in the seminal
paper “Polar catastrophe and electronic reconstructions at the interface LaAlO3/SrTiO3:
Evidence from optical second harmonic generation” and has since been confirmed by other
works [43]. In order to visualize the sample-to-sample fluctuations at n = 3, only two
samples showing maximum and minimum SHG yield are labeled, respectively, “3+” for
the highest SHG signal (similar to samples with n > 3) and “3−” for the lowest signal
(comparable to samples with n < 3). The origin of such fluctuations at n = 3 is still
unknown at present, but it is not surprising that, in the proximity of a phase transition,
the reconstruction threshold is particularly sensitive to slight changes in the growth con-
ditions. For a larger amount of LAO layers, the SHG signal is stable with only a minor
increase with respect to the n = 3+ sample, indicating that the interface is fully recon-
structed. Again, no major changes of SHG are found between n = 3+ and n = 4, i.e.,
the threshold for bidimensional conduction. SHG spectra have been taken at low tem-
perature, in the range from 10 K to 300 K, as well as with different capping materials
(NdGaO3—NGO—and LaGaO3—LGO—in place of LAO) [38]. In the low-temperature
regime, SHG is enhanced in all components and all samples. In particular, the band-edge
3.8 eV peak in pp and ds spectra experiences a larger enhancement than other spectral com-
ponents for both STO and LAO/STO samples. More importantly, at very low temperatures
(∼10 K), the number of resonances revealed by the SHG spectra exceeds the number of
those identified by the SHG selection rules. This is due to the energy shifts of different
sub-bands, as reported by angle resolved photoemission spectroscopy (ARPES) at similar
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temperatures [44]: the degeneracy of the dxz, dyz, px, and py bands, is lifted and ARPES data
indicate that the SHG peak splitting of about 120 meV is in good agreement with this picture.
The mechanisms are still not clear, but possible candidates are the electron-confinement
effect, spin–orbit coupling, and/or low-temperature tetragonal/orthorhombic distortions.
Regarding the different capping layers, different topmost materials share the same qualita-
tive behavior. This confirms that SHG is probing the electronic inter-band transitions of STO
rather than any specific transition of the polar overlayer, whose effect is only visible through
the changes it induces in the STO underneath. However, a few quantitative differences
with respect to the specific overlayer materials can be cited, including (i) the SHG signal of
the LAO/STO samples is always larger than that of the other two interfaces, (ii) in the ds
and pp spectra of conductive samples the high-energy part is less enhanced in LGO/STO
and NGO/STO samples than in LAO/STO, and (iii) in the pp spectra of insulating samples
the overall SHG yield of LAO/STO is larger than that of the other samples.

SHG Spectroscopy has been the most important tool in order to address the problem
of the microscopic origin of SHG in these materials and its relationship with the physical
effect under investigation, i.e., the 2D insulator-to-metal phase transition. SHG indirectly
senses the interfacial charge asymmetry. This asymmetry may be induced by a structural
reorganization of the interface (in particular by Ti ions displacement) or by the presence of
an electric field. In the second case, for instance, when a charged region is created close
to the interface, the consequent interfacial electric field polarizes all the orbitals involved
in the SHG emission and when the charge injection occurs, the SHG signal is enhanced.
Therefore, the fact that the SHG signal jumps at n = 3 means that charges start to be
injected one layer “before” the onset of conduction, and thus they must be localized. They
contribute to the interfacial field build-up, but not to transport. If the injected charges
accumulated exactly at the interface, they would provide a perfect screening of the LAO
polarization so that there would be no evidence of electric-field build-up in STO. On the
contrary, the injected charges diffuse over a few unit cells because of kinetic energy, and
create a charge gradient and, consequently, an electrostatic field that spatially decays in
STO [45]. Regardless, it may seem, at a first glance, surprising that the emergence of
conduction is completely separated from the orbital reconstruction. Possible solutions for
this conundrum are (i) SHG is less sensitive to mobile charge than localized ones; (ii) the
n = 4 LAO layer promotes to conduction some of the localized carriers at n = 3, so that
the total carrier density does not change; and (iii) the conductive carrier density is much
smaller than the localized one.

The most important result of the SHG spectroscopy is summarized in Figure 3, where
the assignment of each orbital transition to a specific element of the tensor χ(2) is shown.
The observed transitions are very robust as they are the source of SHG for all studied
parameters. The 4mm symmetry was found to be generally preserved, albeit with minor
but interesting deviations. Furthermore, the overall enhancement of the low-temperature
SHG signal, and consequently an increase in polarity at the interface, supports the picture of
a spatial displacement of the titanium ions, which are prone to move at lower temperatures
due to the quantum para-electric nature of STO. Slight deviations from this general picture,
as dictated by the symmetry selection rules, are (i) the suppression of the 3.6 eV peak in the
sp spectra is not always complete, showing that the symmetry is partially lifted due to a dis-
tortion of TiO6 octahedra; and (ii) the SHG signal is related to the in-plane lattice mismatch
of the LAO/STO, NGO/STO and LGO/STO insulator interfaces, demonstrating that sub-
strate distortions are probably induced or at least modulated by strain in the epitaxial film.
These results clearly prove that fine details in the interfacial structure are reflected in, and
revealed by, SHG spectroscopy. However, where this detailed sensitivity is most striking is
in the study of the influence of substrate termination on LAO/STO electronic properties.
The 2D electron gas is actually observed only for the TiO2-terminated STO substrate (n-type
doping, TiO2/LaO interfaces), while for the SrO-terminated substrate (SrO/AlO2 interfaces)
a p-type conductive interface is predicted based on the polar catastrophe scenario, but
the samples are found to be insulating for any LAO coverage and growth condition [6,7].
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SHG Spectroscopy in this case shows a clear qualitative difference between the spectra of
TiO2 and SrO terminated samples, as can be observed in Figure 5. The 3.8–4.0 eV peak is
strongly suppressed in the sp spectrum of SrO terminated interfaces with respect to TiO2
ones. In Ref. [39], a detailed resonance analysis has been performed and the the model
presented in Figure 6 summarizes the resulting findings, as explained in the following.

Figure 4. SHG spectra of LAO/STO hetero-structures for (a) pp, (b) ds, and (c) sp polarization config-
urations with different LAO thickness n. Samples with n = 3 show strong sample-to-sample variation
in SHG yield. This value of n represents a threshold for a discontinuous interfacial reconstruction
which anticipates the conduction, i.e., the presence of free charge carriers. Here, the two extreme
cases have been labeled with “+” or “−” in order to distinguish them, so that the “3+” sample is
the one with the highest SHG signal, and “3−” the one with lowest SHG signal. These spectra cover
the direct O(2p)→Ti(3d) band-gap transition of STO, which appears as an increase in SHG intensity
at approximately 3.6 eV. The symmetry-based SHG selection rules take into account that the lowest
energy transition at 3.6 eV is present in the spectrum of pp and ds, but not in sp. The same arbitrary
scale is used in all three panels. Reprinted with permission from Ref. [38].
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Figure 5. Comparison of SHG spectra from LAO/STO hetero-structures with five LAO unit cells
and different interfacial atomic terminations. The labels sp (a), ds (b), and pp (c) refer to different
combinations of ω/2ω polarizations (see text). The spectra for the SrO-terminated substrate (red
symbols) are multiplied by a factor of 4 for better visibility. The colored areas divide the graph into
two energy ranges corresponding to the identified electronic transitions: the blue area is dominated
by A1 → E, E → B2 transitions, while the purple area is driven by E→E transitions. Reprinted with
permission from Ref. [39].
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Figure 6. A schematic image of the two possible STO terminations. The 2p oxygen orbitals are shown
in dark red and pink, where dark red highlights direction maximizing overlap with the Ti atom.
In the case of SrO-terminated STO 2pz orbitals point towards the underlying Ti atoms, thus favoring
orbital overlap. Reprinted with permission from Ref. [39].

The almost complete suppression of the 3.8–4.0 eV peak in the sp spectrum is attributed
to a suppressed transition E → E: O(px, py) →Ti-T2g(dxz, dyz). Since this cannot be
explained by the selection rules, as both terminations share the same interfacial symmetry,
it must be assumed that in the SrO interface the SHG is mainly generated in the orbitals
located within a single atomic plane from the interface, as these are strongly polarized due
to structural proximity effects. Only the oxygen pz orbitals have significant overlap with
the Ti(3d) orbitals of the underlying TiO2 layer, so that only transitions involving pz should
be pronounced in the spectrum. Thus, the transition E → E: O(px, py) →Ti-T2g(dxz, dyz)
of the sp spectrum is suppressed in SrO-terminated systems. Furthermore, the transitions
A1 → E: O(pz) →Ti-T2g(dxz, dyz) remain possible, and contribute to the non vanishing
ds and pp spectra. However, here the E → B2: O(px, py) →Ti-T2g(dxy) transition will be
suppressed. Conversely, in TiO2 terminated samples, the charge injection that drives the
electronic reconstruction at the interface creates a space charge region spanning a few unit
cells, as already mentioned above, thus displacing the Ti ions and developing an electric
field that polarizes all the orbitals involved in the SHG emission. Thus, the overall SHG
yield will be higher and all symmetry-allowed O(2p) → Ti(3d) transitions will contribute
to the SHG spectrum. The suppression of the sp signal in the SrO-terminated samples
is strong evidence that only the highest STO atomic plane at the interface is significantly
polarized, which, in turn, implies that no significant charge injection occurs in the SrO-
terminated samples, unlike the TiO2-terminated samples. These findings have helped
ruling out some of the proposed models for explaining the lacking of p-type doping in
LAO/STO hetero-structures, and, in particular, all those based on charge carrier trapping.

6. Non-Standard LAO/STO Hetero-Structures

As opposed to the case of different terminations where, according to the polar catas-
trophe model, the SrO-terminated interface is expected to be conductive and is in fact
insulating, there is the case of amorphous-LAO structures in which no polar build-up can
be postulated since the polar LAO layer is grown on the STO substrate in an amorphous
phase and yet electric conduction at the interface is observed. Additionally, in this case,
SHG was found to be capable of helping to address the apparently inconsistent observa-
tion [46]. Figure 7 shows a temperature scan of the SHG signal from amorphous-LAO
(a-LAO, panel a) and crystalline-LAO (c-LAO, panel b) upon heating (red datapoints)
and cooling (blue datapoints). It is also worth noting that during the measurement, the
temperature was held at 110 ◦C for half an hour, for reasons explained below. It was already
shown by transport measurements that, contrary to c-LAO structures where conductivity
is recovered almost 100% after any number of thermal cycles, in the case of a-LAO the 2D
electron gas is lost after the very first cycle, indicating an extrinsic origin of the doping
charge, and, in particular, pointing to oxygen vacancies, for the simple reason that heating
the sample in air has the same effect as filling the oxygen vacancies at the interface, which,
in turn, can be formed by ion bombarding during PLD growth of the samples. The SHG
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results in Figure 7 confirm that the doping mechanisms that induce the interfacial polarity
detected by SHG are very different in the two material systems. For the c-LAO/STO
sample, the behavior of the SHG signal as a function of temperature is qualitatively the
same as that observed for the conductivity. The SHG signal is approximately constant
during both the heating and cooling phases. After the cooling step, the SHG signal from
the c-LAO/STO interface recovers approximately its initial value at room temperature. In
the case of a-LAO/STO, a pronounced decrease in the SHG signal is observed, analogous
to the conductivity. However, SHG also exhibits some significant features which are not
visible otherwise. The decrease in the SHG signal already begins at about 110 ◦C: above
this temperature, the SHG signal decreases spontaneously at an approximate rate of about
30% per hour. This spontaneous change does not take place for conductivity, which starts
to decrease only above 200 ◦C. After this break, the temperature is increased again by
10 ◦C every five minutes. In addition, the relative strength of different SHG components
are irreversibly changed by heating; the ds signal decreases more rapidly than the sp one,
until it vanishes at about 300 ◦C, while the other two components never become zero.
Below about 250 ◦C, ds is always greater than sp, while this relationship is reversed when
above 250 ◦C. Finally, the SHG signal remains constant at the values reached for the highest
temperatures upon cooling. Therefore, the ds signal remains lower than that of sp, thus
reversing the initial signal hierarchy of these two polarization combinations. This result
shows that the obtained insulating interface is different from the untreated single crystal
STO surface since the latter generates an sp signal which is always lower than that of ds,
provided that the energy of the SHG photon is not close to the optical resonances of STO.
The naive picture of an oxygen-free interface which after heating and subsequent oxygena-
tion becomes identical to the pristine strontium titanate surface is probably true, but at least
partially misleading or incomplete. The most remarkable observation is that the different
evolution of SHG and electrical conductance under a thermal treatment clearly indicates
two different donor mechanisms at the a- and c-LAO/STO interfaces, oxygen vacancies in
the former case and electron reconstruction driven by interfacial polar discontinuity in the
second case. The question then arises naturally, why is a similar SHG signal observed for
all the c- and a-LAO/STO hetero-structures?

As already mentioned, SHG indirectly probes the charges and their spatial distribution
at the interface. When a space-charge region is created at the interface, this develops an
electric field, Epolar(z), that polarizes the electronic orbitals involved in the SHG process.
This contribution may be accounted by the third term of Equation (1), where one field is
given by Epolar(z) and the other two are the optical field at ω. Note that the structural
contribution to SHG is still described by the second term of Equation (1). By assuming
χ(3) slowly varying over the thin layer dpolar affected by the electronic reconstruction one
finds that

χeff ∝ χ(2) + χ(3)
∫

Epolar(z)dz = χ(2) + χ(3)Vwell , (9)

where the bar indicates the spatial averaging over the z coordinate. The variation of χeff
at fixed χ(2) is therefore proportional to the depth Vwell of the potential well induced by
the charge distribution at the interface. An estimate of Vwell as a function of LAO thickness
is provided in Figure 8 for both the a-LAO/STO and c-LAO/STO interfaces, with an
average of the polarization combinations. All crystalline samples above the conductance
threshold have an interfacial Vwell similar to amorphous samples in the saturation region.
This result indicates the existence of a universal depth of the interfacial potential well,
despite the fundamentally different doping mechanism acting in these two material systems.
A possible microscopic scenario for the case of the a-LAO/STO interface, which could
help explain this similarity, is based on the hypothesis that a δ−doping mechanism caused
by oxygen vacancies takes place at the a-LAO/STO interface. The band diagram of a-
LAO/STO would, therefore, be determined by the combination of two basic elements, i.e.,
the typical “dip” of the bands formed in the vicinity of a δ-doping sheet and the well-known
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misalignment of the conduction band of LAO and STO, making the states on the LAO
side of the δ-doped interface inaccessible to electronic wave functions. The interaction of
these two components would lead to a band diagram such as the one in Figure 8c, showing
significant similarities, on the STO side, to the one predicted by the electron reconstruction
model for the c-LAO/STO case, as shown in Figure 8b. One possible explanation is that
this depth is actually dominated by the difference between the minimum energy of the
conduction band in the STO bulk and the Fermi level, a difference which should be largely
independent of the properties of the interface.

Figure 7. SHG intensity as a function of temperature for 10 equivalent-unit-cell thick a- and c-
LAO/STO samples (panel (a,b), respectively), for three polarization combinations: pp (circles), ds
(triangles), and sp (squares). Red (blue) points refer to the heating (cooling) stage. The arrow at
110 ◦C indicates the beginning of the SHG signal decrease. At this temperature a pause of about
30 min (30’ label in the figure) is performed before continuing the temperature scan. Reprinted with
permission from Ref. [46].
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Figure 8. In panel (a) the values of the potential-well depth Vwell for a-LAO/STO (circles) and
c-LAO/STO (star) extracted from the SHG signal are reported as a function of LAO thickness tLAO

(in euc, i.e. equivalent unit-cell). The solid line is just a guide for the eyes. In the insets (b,c) the
possible band diagrams of an c-LAO/STO and a-LAO/STO interface are shown. For the c-LAO/STO
interface, the bending of the LAO bands is due to the built-in electric field, Ein, as predicted by the
polar catastrophe model. At the critical thickness, this field is offset by Escreen. The band structure
of the a-LAO/STO interface is tentatively represented as a typical potential well derived from a
δ-doping. The latter implies that the electronic states on the LAO side (represented by gray wings)
are rendered inaccessible by the mismatch of the Fermi level between STO and LAO. The latter is
highlighted by the gray lines on the STO side, which show the band structure in the absence of
δ-doping. Reprinted with permission from Ref. [46].

Another interesting case of non-standard LAO/STO hetero-structure is the one with
unbalanced chemical composition. In particular, Ref. [47] shows that samples with nominal
formula La(1−δ)Al(1+δ)O3 were grown by molecular beam epitaxy (MBE), and only Al-rich
samples were found to be conductive. In Ref. [48], SHG has been deployed to study such
interfaces, and the main result is shown in Figure 9, where different batches of samples
grown at different temperatures and with different chemical composition are compared.
The signal of the samples grown at about 720 ◦C is only slightly increasing in the Al-rich
region of the diagram, while the other two groups show a much more pronounced increase.
The sample richer in Al, in particular, shows an increase in SHG of about 50% compared to
that of the 755 ◦C set with the same Al/La ratio, while the conductivity for these samples
is approximately the same or even slightly higher for the set grown at 755 ◦C. The most
remarkable thing is that the conductivity of the 720 ◦C samples saturates by increasing the
Al content, but SHG does not demonstrate the same behavior. In contrast, the 755 ◦C sample
set shows similar saturation behavior to the corresponding conductivity. In both cases, the
doping level at which SHG starts to increase for the 755 ◦C and 790 ◦C set correspond to
the start of conduction (indicated by the red and green arrows in Figure 9). The reason for
the lack of conduction in the La-rich samples was proposed by first-principles calculations
in Ref. [47]; in the La-rich films the excess was not found to substitute on the Al sites of the
LAO crystal because it is too large, forming Al2O3-vacancy complexes instead. Conversely,
in Al-rich films the Al is incorporated in place of the La sites. This leads to few cation
vacancies in Al-rich films vs. many cation vacancies in La-rich films, which results in
a significantly higher diffusion coefficient for cations in the La-rich films. In turn, this
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makes it possible to offset the diverging electric potential via cations migration. On the
contrary, in the Al-rich films, the low diffusion coefficient of cations forces an electronic
reconstruction in order to compensate the diverging electric potential, thus leading to
the formation of a 2D electron gas. Conversely to conductivity, at the higher substrate
temperature, the SHG signal does not saturate, since an increase in Al atoms is directly
accompanied by the formation of new active SHG defect dipoles. The same behavior is not
observed at lower substrate temperatures, probably due to the ability of excess Al to hinder
crystallization in the La(1−δ)Al(1+δ)O3 film. Under Al-rich growth conditions when the
growth temperature is low, a large volume of the La(1−δ)Al(1+δ)O3 film is amorphous and
Al excess in this amorphous matrix does not produce defect dipoles. On the other hand,
increasing the substrate temperature counteracts this glass-forming tendency. A substrate
temperature of about 790 ◦C is sufficient to maintain the La(1−δ)Al(1+δ)O3 crystalline
film everywhere so that Al substituting onto the La sites may produce defect dipoles.
This explains the anomalous behavior of SHG as a function of Al/La ratios for the samples
grown at the highest temperature.

Figure 9. The total yield of SHG as a function of the Al/La ratio, normalized to the value found
for the STO–air interface. The two arrows indicate the onset of conduction for the 790 ◦C-set (red)
and the 755 ◦C-set (green) samples. The shaded areas denote the two non-stoichiometric chemical
compositions, respectively, rich in La and Al. The shade gradient shows the direction of increase in
the chemical component in each respective area. Solid lines are a guide for the eyes. Reprinted with
permission from Ref. [48].

Another example of the SHG technique applied to non-standard LAO/STO hetero-
structures is provided by interfaces with different in-plane orientations, the LAO/STO (110)
interface is an interface formed by the deposition of LAO atomic layers on oriented STO
substrates (110). According to the polar catastrophe scenario, the LAO/STO interface (110)
is formed by a sequence of [O2]

4−[LaAlO]4+ planes over [O2]
4−[SrTiO]4+ and thus should

not be conductive. Conversely, the LAO/STO interface (111) also displays a polar discon-
tinuity, being formed by an alternative sequence of [Al]3+[LaO3]

3− over [Ti]4+[SrO3]
4−

planes, and thus should be practically comparable to standard LAO/STO(001) interfaces.
In fact, all these interfaces show the same insulator-to-metal transition. At first sight, this
result may appear to challenge the polar catastrophe picture. However, recent theoretical
studies [49] show that at the LAO/STO (110) interface the STO surface is not an ideal
stoichiometric surface, but the ground state is characterized by a buckled TiO termination.
This predicted ionic structural distortion leads again to an interfacial polar discontinuity,
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that, in turn, drives the electronic reconstruction through the same mechanism of the (001)
interface. In order to confirm or disprove this particular theoretical prediction, SHG was
employed in Ref. [37] as the ideal experimental tool to probe the existence of a ionic inter-
facial polarity at the (110) interface. Figure 10 shows an example of the SHG Polarimetry
performed on LAO/STO (111) samples. A detailed symmetry study on (001), (111), and
(110) orientations has demonstrated that the theoretical picture of Ref. [49] is indeed correct,
and, in particular, that the interfacial polarity is already very strong before the onset of
conduction for the (110) samples, with no appreciable signs of multi-polar contributions,
and this comes directly to the surface structural distortion of the STO (110) substrate, which
undergoes the formation of a buckled TiO termination.

Figure 10. SHG Polarimetry: the signal is shown as a function of the azimuthal angle φ and polar-
ization combinations (pp, sp, ds, ss) for LAO/STO(111) samples. Open symbols are data and the
solid lines are best-fit curves according to the 3 m symmetry group. Reprinted with permission
from Ref. [37].

7. SHG Imaging

The possible presence of local inhomogeneities in the electronic structure of the in-
terface was proposed [50–53] to account for the delayed onset of conductivity at n = 4
instead of n = 3, as measured with non-transport techniques, such as SHG. In addition to
the problem of free/bound charges, magnetic [13], and chemical [54] phase separation has
been reported too. SHG was found to be one of the very few techniques able to address
these points, because of its ability to investigate the in-plane spatial distribution of the
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interface reorganization, through the lateral degrees of freedom in the focal plane. SHG can
be, in simple words, used to make a “polar picture” of the sample. The resulting picture
will not represent the morphological properties of the surface, but rather the strength of
the polar nature of the buried interface. In Ref. [55], the SHG Imaging technique has been
used in order to address this issue, and quite surprisingly it was found that all hetero-
structures with n �= 1, including the substrate itself (n = 0), are very homogeneous, while
only for a single mono-layer of LAO coverage, distinct inhomogeneities are visible, which
are characterized by the formation of bright regions with a lateral extension of �30 μm.
The case of n = 1 seems to be quite special. Electronic and chemical inhomogeneities
have been found to agree with the observations, although the latter is less plausible, while
oxygen vacancies clustering was rejected for its failure to account for the absence of any
observable structure at n ≥ 2. In Ref. [56], SHG Imaging has been proposed as a tool for
non-invasive, non-destructive, real-time, in situ imaging of oxide epitaxial film growth.
Figure 11 shows the proposed idea and the preliminary measurements which are showing
the feasibility of the device. In the upper panel, a simplified sketch of a Pulsed Laser
Deposition (PLD) setup is shown equipped with the standard Reflection High Energy
Electron Diffraction (RHEED) setup and the new proposed SHG imaging tool. The films
can be monitored during growth with lateral resolution of ≤1 μm on a very large area
(about 1 cm2). The potential of the device is demonstrated by an ex situ analysis of thin
epitaxial SrTiO3 films grown on (110) NdGaO3 substrates, taken as prototypical example
of a perovskite-based hetero-interface, such as LAO/STO and many others. Of course the
real future device should be able to work on a larger variety of materials in order to be
fruitfully implemented in real PLD chambers, but it can be taken as a proof of principle.
The example picture shown in panel Figure 11a indicates the presence of large regions with
pronounced polar nature, which have been independently observed by Piezo-response
Force Microscopy (PFM) in order to investigate the electrostatic potential of the sample
surface. In addition, a 180◦ phase shift in SHG occurs when the order parameter of a
broken-symmetry is reversed, as happens for instance in the case of adjacent ferroelectric
(FE) domains with opposite polarization. The possibility to investigate the SHG signal
phase is a relatively easy task which can be obtained by interference between the signal
from the target sample and that of a reference sample, and, thus, this makes it possible
to distinguish between FE domains having the same size of FE polarization, but reversed
orientation. The SHG imaging provides complementary information to the well-established
in situ RHEED and it can reveal otherwise elusive in-plane inhomogeneities of electrostatic,
chemical, or structural nature. We are not going here to review the entire field of in situ
SHG monitoring because it goes beyond the scope of the present review work, but we
remind the reader to the comprehensive review on this specific topic in Ref. [57] and
references therein.
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Figure 11. (Upper Panel): Schematic layout showing a possible device concept for in situ monitoring
of epitaxial film growth by SHG. The usual geometry of the PLD chamber is not affected by the
presence of an additional laser beam since both the source and the detector could be located outside
the growth chamber. (Lower panels): (a) SHG intensity map on a SrTiO3/NdGaO3(110) sample and
(b) PFM image of the same area showing the electrostatic potential measured in contact mode (bright
regions correspond to a higher electron density). The colored lines are guides for the eye. Reprinted
with permission from Ref. [56].

8. Time-Resolved SHG

The last topic we would like to cover in this review is the dynamic behavior of charge
carriers in LAO/STO. So far, only the static state at the interface has been discussed,
although fast and ultra-fast dynamics would introduce a powerful degree of freedom for
understanding the nature of charge carriers. In Ref. [58], a pump-probe scheme is used in
which a pump beam with photon energy of 4.35 eV, i.e., above the direct band gap of STO,
can excite photo-carriers which, in turn, induce a change in interfacial polarity. The latter is
probed by the SHG of a second infrared beam as completed in standard static experiments.
The results of these pump-probe experiments show that the polarization state can be
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optically enhanced or attenuated in picoseconds. A physical model based on the effects
of charge propagation at the interface and transient polarization build-up is proposed
to explain these observations. Time-dependence allows, in fact, to separate the various
interactions that contribute to the interfacial ground state across the different time scales on
which they respond to optical excitation. For example, transient absorption spectroscopy
shed light on the strong influence of LAO film on self-trapped polarons at the LAO/STO
interface [59]. The SHG dynamic study revealed the mechanisms driving the accumulation
and depletion of light-induced polarity at the interface: the authors found an induced sub-
picosecond optical change of interfacial polarity greater than 50%. This surprising effect
is driven by the competition between three different mechanisms, screening, asymmetric
drift, and trapping. Taking Equation (9) into consideration again, the dynamic quantity
measured in the pump-probe mode can be considered as follows:

χ(2)(t) = χ(2) + Δχ(2)(t) (10)

where t indicates the time-delay between the pump and the probe pulses, the bar indicates
the spatial averaging over the z coordinate. The time-dependence is fully included in the
second term of the sum, whose components, according to Equation (9), can be written as:

Δχijk(t) = ΔV(t)χ(3)
ijkl (11)

In other words, it is assumed that the main dynamical effect is captured by the
time evolution of the quantum well energy depth V(t) = V0 + ΔV(t) induced by the
interfacial electric field. Here, the authors refer to χloc,ext in order to indicate the χxxz
and χzxx, respectively. This distinction highlights the more “localized” or “extended”
nature of the electronic transitions identified for those two components according to the
more pronounced nature of the respective final states (dxy for localized and dxz,yz for
extended) [51]. Figure 12a and the zoomed-in view in Figure 12b are showing the dynamical
behavior of the “extended” component χzxx for two representative samples with n = 2
(LS2) and n = 6 (LS6) LAO coverage. The SHG signal shows a pronounced and ultrafast
drop within less than 1 ps, followed by a quick recovery (on the 100 ps time scale) and a
subsequent, and much slower restoration, of the ground state (in several nanoseconds).
What is striking and interesting is the fact that both the substrate and the insulating
interface (STO and LS2 in the figure) present an “overshooting”, meaning that the polarity
becomes larger than that of the ground state after the initial ultrafast drop, so that the
recovery to unexcited level of the signal happens in the positive range (polarity decreases
to unexcited level), while for the case of conductive sample (LS6) the initial drop is much
more pronounced and the recovery happens completely in the negative range (polarity
increases to unexcited level). Exploiting a comprehensive investigation about the change in
linear reflectivity, LAO coverage, and photo-excitation energy density, a relatively simple
model, depicted in the sketches of Figure 13, has been proposed to interpret the complex
dynamics of these electron systems. It is seen that the dynamics is the result of several
different and competing mechanisms, whose microscopic origins will be roughly explained
in the following, with the help of the four sketches of Figure 13. Panel (a) shows the
band bending at the interface in the ground state and highlights the more localized nature
of the dxy orbitals (purple) compared to the more extended nature of the dxz,yz orbitals
(green); panel (b) shows the drift of the photo-carriers in the presence of a pre-existing
equilibrium electric field (“screening drift” mechanism), whose effect is mainly captured by
the ultrafast drop of the SHG signal within the first picosecond; panel (c) shows the so-called
photo-Dember effect, i.e., a transient and local electric field originated by the anisotropic
diffusion of electron vs. holes which induces a net shift of the electron cloud with respect
to the hole cloud (“charge-propagation” mechanism); finally panel (d) shows the interfacial
charge carrier trapping (and subsequent recombination) as the process contributing to the
increased interfacial polarity (“transient polarization” mechanism). In order for the latter
mechanism to obtain the observed evidence, the enhanced interfacial polarity, it is worth
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noting that the charge sign of the trapping centers must be positive for inducing an electric
field concordant to the existing quantum-well field. It is necessary to point out that this
mechanism would work equally well in the case of other kind of charge accumulation,
such as, for instance, the formation of large polarons at the interface, although charge
trapping is the most likely scenario, in particular because of the well-known presence of
oxygen vacancies (positive trap sites). By the study of the fit function parameters derived
from this model, and by comparison with literature [60], it was possible to demonstrate
that polarons are good candidates to explain the observed transition state. The lattice
deformation accompanying the polaron state must break the inversion symmetry to be
visible in SHG, as occurs near the interface where the photo-generated polarons are trapped
by defects and become polar. The most important evidence to this conclusion can be drawn
by the comparison with the model parameters and the known drift mobility of polarons in
STO, and this demonstrates how much important the dynamical studies are, even if the
ground state, rather than the excited states, is the main target of the investigation.

Figure 12. (a,b) Temporal evolution of Δχext/χext for a pump photon density Nph = 5.65× 1020 cm−3.
The label ext indicates the χzxx component, while LS stays for LAO/STO and the number indicates
the LAO overlayer unit cells. Solid lines are best-fit curves according to the dynamical model
proposed. Note the striking difference of the dynamics between insulating (orange and blue points)
and conductive (green points) samples. Reprinted with permission from Ref. [58].
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Figure 13. Non-equilibrium charge dynamics near the LAO/STO and air/STO interfaces. (a) Band
bending and different space depths of charge concentration associated, respectively, with the dxy-like
and dxz,yz-like sub-bands of STO at the interface. We note that the medium beyond the dotted line
can be air, as in bare STO, or a LAO overlay. (b) Screening drift as the first mechanism inducing the
interfacial polarity change. (c) Photo-Dember effect as a second mechanism inducing the interfacial
polarity variation. (d) Interfacial charge trapping as a mechanism inducing a transient polarization.
Reprinted with permission from Ref. [58].

9. Conclusions

In this work, we have reviewed more than 10 years of experiments applying SHG to the
investigation of oxide hetero-structures with a particular focus on the textbook LAO/STO
interface. The results clearly show that SHG is capable of providing complementary
information on these material systems compared to the standard tools that are widely
used in material science. The advantages of SHG compared to the latter are many-fold:
(i) SHG can reach vertical spatial resolution on the subnanometric scale; (ii) it is a contact-
free technique; (iii) it can directly sense interfacial polarity; (iv) it can be used in situ
and real-time for monitoring the hetero-structure growth without disturbing the particle
trajectories; and (v) it can reach temporal resolution on the femtosecond time-scale.

Let us summarize here what we believe are the main results in the field. SHG spec-
troscopy revealed a reorganization of the electronic structure at the interface at n = 3
which precedes the formation of the 2DEG at n = 4. This reorganization is invisible to
other techniques which are sensitive to the conductive charges only. Its extreme symmetry
breaking sensitivity made it possible to observe directly the spectral influence of the atomic
termination of the SrTiO3 substrate and the influence of extrinsic carrier doping, especially
at low temperature. Exploiting the lateral spatial degrees of freedom of SHG, the transverse
plane homogeneity of the interface is revealed. Lateral inhomogeneities on a length scale
of ≈30 μm are found in samples with n = 1 epitaxial mono-layer of LaAlO3 (and absent
in n > 1 samples), due to a phase-separation involving domains with different electronic
and chemical properties. Studies on different chemical composition (stoichiometry of the
components) and crystalline structure (crystalline vs. amorphous hetero-structures) helped
to single out the role of so-called intrinsic effects (polar catastrophe) from the extrinsic
effects (oxygen vacancies and others). SHG time-resolved experiments on the femtosecond-
to-nanosecond time-scales revealed a stunningly complex carrier dynamics after optical
excitation, which can be regarded as the result of a competition between at least three
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different dynamical relaxation channels. These results shed light on the occupancy and
lifetime of electronic states, and suggest that light pulses can be exploited to enhance or
attenuate the polarization at the interface and possibly the charge density and/or mobility.

On the other hand, it can be difficult to directly link the SHG signal to the microscopic
properties of the interface under study, so that often the interpretation of the SHG results
remains confined to a qualitative level. Enhancing the diagnostic and predictive capacities
of SHG would require a major effort on the microscopic theoretical modeling of SHG, thus
allowing it to compete with other powerful tools in material science, as photo-emission
spectroscopy or scanning tunnel microscopy. Notwithstanding these limitations, some of
the results here summarized have proved that SHG is able to provide valuable information
on the physics of these interfaces that cannot be easily obtained with other techniques.
The main strength of SHG is its capacity of sensing all the charges injected at the interface,
both localized or mobile. In the case of the STO-based interfaces it is clear that SHG is more
sensitive to the first kind of charges, thus allowing to reveal a phenomenon that acts as a
precursor for the onset of conductivity. This precursory interfacial reconstruction, due to
charges that are injected but localized at the interface, cannot be of course highlighted by
the electrical measurements routinely used to characterize these interfaces. This is even
more true if we consider LAO/STO interfaces with different terminations of the (100) STO
substrate. In this case, there are few techniques that may provide a significant comparison
between these two interfaces, and SHG is one of the simplest. The results obtained by SHG
spectroscopy in this particular case are simply striking. First, they show that SHG is able to
provide useful information on the level of a single atomic layer. Second, they prove that,
at the SrO terminated LAO/STO interface, charges are not injected, an important piece of
information, not possible to obtain with other techniques.

Moreover, SHG can directly measure the interfacial polarity and even the interfacial
electric field that builds-up on charge injection. In this respect, SHG spectroscopy has
unequivocally demonstrated that SrTiO3 is a fundamental ingredient for the formation
of the 2DEG gas at these interfaces. Injected charges spread in a thin layer on the STO
side and there they build-up a polar electric field leading to the formation of a confining
quantum-well. SHG can measure directly the depth of this quantum-well, thus allowing,
for instance, to single out universal characteristics of fundamentally different systems as
amorphous and crystalline LAO/STO interfaces and to call into question once again the
fundamental role played by SrTiO3 in the physics of these material systems.

In addition, SHG spectroscopy as a function of temperature has shown that the polar
asymmetry induced by the build-up of the polar electric-field is always accompanied by a
structural reorganization of the interface due to the displacement of Ti ions that are very
much prone to shift from their equilibrium position because of the paraelectric nature of
SrTiO3. This is another important piece of the puzzle representing the physics of these
material systems, since it has been lengthily debated if the charge injection induces a
structural or electronic reconstruction of the interface; SHG results show that both are in
place.

In conclusion, this review article has provided several evidences to convince the
readers that Second Harmonic Generation may be an invaluable experimental tool for
investigating buried interfaces (LAO/STO and other oxide hetero-structures) which share
common chemi-physical characteristics. In this conclusive section we have summarized
the major results that, in our opinion, have been obtained by means of SHG and which
make this technique unique in comparison with other standard tools used in this field.
Along with the review, we have delivered several examples highlighting the richness of
information that SHG can gather, with the aim of providing a good starting point for further
developments in this fruitful research field.
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Abstract: Two widely used atomic layer deposition precursors, Tetrakis (dimethylamido) titanium
(TDMA-Ti) and titanium tetrachloride (TiCl4), were investigated for use in the deposition of TiOx-
based thin films as a passivating contact material for solar cells. This study revealed that both
precursors are suited to similar deposition temperatures (150 ◦C). Post-deposition annealing plays a
major role in optimising the titanium oxide (TiOx) film passivation properties, improving minority
carrier lifetime (τeff) by more than 200 μs. Aluminium oxide deposited together with titanium oxide
(AlOy/TiOx) reduced the sheet resistance by 40% compared with pure TiOx. It was also revealed that
the passivation quality of the (AlOy/TiOx) stack depends on the precursor and ratio of AlOy to TiOx

deposition cycles.

Keywords: atomic layer deposition; titanium oxide; passivation films; ALD precursors

1. Introduction

Titanium oxide materials (TiOx) are used in a wide range of applications such as
batteries [1], medicine [2], semiconductors [3], and solar photovoltaic (PV) cells [4,5].
Among the many metal oxides, titanium oxide has the closest band offset with c-Si [6],
making it suitable for semiconductor/PV applications. In addition, the high thermal
stability [6,7] and availability of deposition/formation methods [8–10] for TiOx make its
processing favourable.

In solar cell fabrication, titanium oxide first appeared as part of the anti-reflective
coating [5] and is still used in protective coatings for solar cells [11]. Currently, the carrier
selectiveness and passivation properties of TiOx have gained interest in the semiconductor
industry [12,13]. This is mainly due to the rapid market implementation of the TOPcon (pas-
sivated contact cell) [14] architecture, which has brought forward potential new passivation
materials such as TiOx.

As a crystalline material, titanium dioxide has three different crystal polymorphs:
rutile [15], brookite [16], and anatase [15]. Anatase and rutile are the most common in TiO2
fabrication, and the anatase phase is the most desirable for semiconductor applications
because of its conducting and passivation properties [17]. The semiconductor industry
has developed a range of techniques for TiOx deposition such as atomic layer deposition
(ALD) [18], E-beam electron evaporation [19], magnetron sputtering [20], and chemical
vapour deposition [21], and the choice of deposition process affects the final quality of the
TiOx film [10].
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ALD of titanium oxide has evolved as one of the main alternatives to sputtering,
which is widely applied in the industry [22] and is under constant development to obtain
highly passivating TiOx films [23]. Both Tetrakis (dimethylamido) titanium (TDMA-Ti) and
titanium tetrachloride (TiCl4) precursors for TiOx ALD are proven to provide high-quality
TiOx passivation layers for silicon solar cells [24–26]. The deposition of passivating TiOx
from the TiCl4 precursor was presented in the work of Yu et al. [25]. The minimum achieved
surface recombination velocity was 44.24 cm/s for deposition at 200◦ C. The deposition
temperature of TiOx plays a crucial role, as documented by previous studies [27,28]. In
2021, Liu et al. achieved a high-performance passivating electron contact by deposition
of aluminium oxide (Al2O3) and TiOx in a stack using ALD at 150 ◦C [24]. With the
application of TDMA-Ti and H2O precursors, a high minority carrier lifetime (τeff) of
1.9 ms was obtained with a low contact resistivity of 0.1 Ω·cm2 [24]. Most ALD systems
allow precise control of parameters such as deposition temperature [29], temperature of
precursors [30], purging time [31], and number of deposition cycles. However, uniform
control of the gases inside the reactor is not possible as the precursor gas distribution is
controlled by the carrier gas. As such, large-scale industrial implementation of TiOx ALD
with a consistent product outcome is often challenging.

To approach consistent results, key parameters such as carrier gas flow, precursor pulse
duration, purge duration, and deposition temperature must be optimised. In the current
work, we present a comparison between two different precursors, namely TDMA-Ti and
TiCl4, for ALD of TiOx using different deposition and post-annealing process conditions.
Furthermore, the effect of introducing aluminium oxide (AlOy) in the stack with TiOx
was investigated as aluminium oxide is widely applied not only as a passivation [23]
layer but also as a tandem layer with other metal oxides [23,32] to improve the electronic
properties of metal oxides such as resistance [33]. Electronic and crystalline properties of
the deposited TiOx and TiOx/AlOy layers obtained in the current work were analysed using
a range of techniques such as microwave photo-conductance decay (μ-PCD), four-point
sheet resistance probe, and transmission electron microscopy (TEM).

2. Experimental Materials and Procedures

2.1. Material Preparation

Experimental samples were prepared using laser scribing of as-cut (100), n-type wafers
into 3 × 3 cm size. The initial thickness and resistivity of the wafers were 180 μm and
1–3.5 Ω·cm, respectively.

An HNA solution (1HNO3 (75%):1CH5COOH (99.7%):0.2HF(45%)) was used for
surface damage removal. Following damage removal, the samples were cleaned in an RCA
2 (0.1HCl (37%):0.2H2O2 (30%):H2O) solution at 70 ◦C. Next, the samples were immersed
in a low-concentration HF solution for the removal of native oxide. The last part of the
sample preparation was cleaning the samples in an RCA 1 (0.2NH4OH (30%):H2O2:H2O)
solution at 70–75 ◦C (while forming so-called “RCA oxide”).

2.2. ALD Deposition

Atomic layer deposition of titanium oxide in this work was conducted from two
different precursors TDMA-Ti and TiCl4. Two different ALD systems were used: Beneq
TFS-500 for deposition of TiOx using a TiCl4 precursor (at Aalto University, Helsinki,
Finland) and Savannah S100 with TDMA-Ti as a precursor (at the Norwegian University
of Science and Technology, Trondheim, Norway). In both cases, the second precursor was
water. Each deposition set consisted of six samples, which, after the deposition, were split
into three parallels of two samples. Post-deposition annealing (PDA) was performed in
a rapid thermal annealing system (RTP Allwin). The second part of this study consisted
of stack layer deposition of aluminium oxide (AlOy) and TiOx. Deposition of the AlOy
in the AlOy/TiOx stack was conducted using Trimethylaluminium (TMA) precursor as
the first precursor and water as the second (on both ALD equipment Beneq TFS-500 and
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Savannah S100). The AlOy:TiOx deposition ratios were: 1:1, 1:5, 1:30, and 1:60, respectively.
All experimental details are presented in Table 1.

Table 1. Main experimental conditions.

Deposited Thickness of TiOx (nm) 3, 6, 9,12, 15, 20

Deposition temperature of TiOx from TDMA-Ti (◦C) 120, 140, 150, 180, 200, 210

Post deposition annealing temperature (◦C) 200, 250, 300, 350, 400

Deposition temperature of TiOx from TiCl4 precursor (◦C) 120, 150, 180, 210

Deposition layer stack ration AlOy:TIOx 1:1, 1:5, 1:30, 1:60

Post-deposition annealing of the samples with the RTP system was conducted accord-
ing to the RTP profile demonstrated in Figure 1 with the plateau temperatures outlined in
Table 1.

Figure 1. RTP system post-deposition annealing profile with a plateau of 250 ◦C.

2.3. Characterisation

After deposition and post-deposition annealing, the passivation and material proper-
ties of the thin films were studied. Minority carrier lifetime (MCLT) was measured using
the transient photo-conductance decay (PCD) method with a Sinton WCT-120 tool, and the
sheet resistance of the samples was determined using a CMT-SR2000N four-point probe.
Five points per sample were measured using the four-point probe, and median values
were calculated. Three samples per deposition condition such as thickness and deposition
temperature were analysed. The samples with the highest MCLT and sheet resistance for
both precursors were studied using TEM (transmission electron microscopy). Preliminary
film thickness measurements were carried out using spectroscopic ellipsometry (Woollam
M2000) for the TDMA-Ti precursor deposition. The thickness of the deposited TiOx films
was also measured using TEM. The TEM analysis was performed with a Helios 5 plasma-
focused ion beam (PFIB). Electron-deposited carbon and subsequently platinum were used
as protection layers. Cross-section lift-out and thinning were performed using Xe ions,
finishing with 2 kV ions. TEM/annular dark field scanning TEM (ADF-STEM) was per-
formed using a double-corrected JEOL ARM-200F cold field emission microscope at 200 kV.
Energy-dispersive X-ray spectroscopy (EDS) and electron energy loss spectroscopy (EELS)
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were performed using JEOL Centurio and GIF Quantum detectors. Scanning precession
electron diffraction was performed with a JEOL 2100F microscope at 200 kV.

3. Results and Discussion

3.1. TiOx Films

The first part of this study concentrated on the deposition conditions for the two
different TiOx precursors. For both precursors, titanium oxide was deposited in the tem-
perature range from 120 ◦C to 200 ◦C. During the experiments, an intended 15 nm thick
TiOx layer was deposited at these temperatures with subsequent μ-PCD measurements.
Initial ellipsometry measurements showed a 1.5 nm average thickness error for the TDMA-
Ti-deposited TiOx films for the temperature range 120–200 ◦C (see Supplementary Material
for details). Thus, the growth per cycle rate (GPC) was assumed to be constant for the
investigated temperature range, in accordance with the previously reported value of
0.5 Å/cycle [34]. Figure 2 presents the measured values of the minority carrier lifetime for
the as-deposited samples obtained from the TiCl4 and TDMA-Ti precursors, respectively.
As seen in Figure 2, the TiOx films deposited at 150 ◦C have the highest measured MCLT
for both precursors and thus we conclude, in accordance with previous studies, that this
temperature is most efficient in promoting the formation of the TiOx anatase phase [35].

Figure 2. As-deposited median values of measured MCLT for an intended 15 nm thick TiOx film
deposited at different temperatures. Error bars illustrate the standard deviation for each condi-
tion/precursor.

The TiCl4 precursor films consistently display a higher minority carrier lifetime than
the TDMA-Ti precursor. All MCLT results are, however, much lower than those presented
in other studies [23,24]. This might be caused by the deposition recipe setup parameters or
precursor distribution in the reactor. In some studies, the only reported results are obtained
after post-deposition annealing, which has proven successful in increasing MCLT [24,26].
Thus, the samples deposited at 150 ◦C were annealed at 200 ◦C–400 ◦C for 20 min in N2
atmosphere with subsequent MCLT measurements. It was demonstrated that annealing
at 250 ◦C significantly improves surface passivation for both precursors (Figure 3). The
increase in MCLT for the annealed TiOx deposited from the TDMA-Ti is larger than that
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of TiCl4, making the effect of the precursor on the MCLT after annealing insignificant at
temperatures above 200 ◦C. Such a difference in the post-annealing MCLT improvement
might be related to initial differences in structure, density, or thickness of the as-deposited
films which, following annealing, become less significant. A more detailed structural
analysis of the as-deposited films may provide additional information on the morphological
differences between the as-deposited films from TiCl4 and TDMA-Ti. Additionally, we can
see that annealing at or above 300 ◦C does not positively affect MCLT. Finally, it is possible
that at temperatures over 250 ◦C, crystal nucleation is initiated at multiple sites in the oxide
film, which results in phase transformation of TiOx at these sites.

Figure 3. Measured median MCLT of the deposited 9 nm TiOx films deposited at 150 ◦C, post-
annealed at different temperatures. Error bars illustrate the standard deviation for each condi-
tion/precursor.

The thickness of the deposited layer is an important characteristic of the passivation-
and carrier-selective layers. As such, TMOs (transparent metal oxides) typically display
a clear correlation between the thickness of the deposited oxide and the passivation effi-
ciency [36]. Thus, the relationship between thickness and passivation efficiency, as well as
thickness and sheet resistance, were investigated for both precursors. TiOx was deposited
with an intended thickness range of 3–20 nm at 150 ◦C, with subsequent annealing. MCLT
and sheet resistance were measured both before and after annealing.

Figure 4 presents the measured MCLT as a function of the targeted TiOx thickness
for TMDA-Ti and TiCl4 precursors for the samples deposited at 150 ◦C and annealed at
250 ◦C and for the non-annealed samples. In both cases, the passivation efficiency increased
with TiOx layer thickness up to 9 nm. Above 9 nm thickness, the passivation efficiency
decreased for the TDMA-Ti precursor. The annealing treatment did not provide a significant
improvement for 12, 15, or 20 nm of deposited TiOx (TDMA-Ti). The reason for such poor
response might be related to the thickness of the films. In the case of the reaction in the TiOx
layer or the reaction between the TiOx layer and the Si/SiOy interface, for the thicker oxide
layers, a longer annealing time may be required. Thus, further experiments correlating the
post-deposition annealing time with layer thickness may be needed.
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Figure 4. Measured median MCLT for the different deposited thicknesses of TiOx before and after
PDA.

The sheet resistance of the TiOx layers deposited at 150 ◦C and annealed at 250 ◦C was
measured using the four-probe method. Figure 5a presents the measured sheet resistance
for films deposited with both precursors at different thicknesses of the titanium oxide. We
can observe a clear trend in resistance increase with thickness for the TiCl4 precursor while
the resistance of the layers deposited from TDMA-Ti remains in the range of 170–250 Ω/sq.
For the 20 nm thickness TiOx deposited with the TiCl4 precursor, some measured resistance
values are clear outliers (Figure 5b). Such abnormal values increase the median resistance
and standard deviation. The low resistance of the TDMA-Ti (TiOx) might be due to a higher
resistance-change threshold of the deposited TiOx caused by a change in the current path
through the material. The TDMA-Ti-deposited TiOx film resistance may increase faster
after a certain thickness higher than 20 nm, as in other Ti-based materials [37,38]. However,
to prove this theory, additional experimental work is required.

3.2. Al2O3/TiOx Stack Films

Techniques using aluminium oxide in a stack with titanium oxide [39] or aluminium-
doped TiOx [24] are under development, mostly because of the improved conductivity of
such layers in comparison to TiOx alone. Such passivation layers are one of the alternatives
to ultra-thin a-Si:H passivation [40]. In this work, AlOy/TiOx stacks were studied as a
possible alternative to mono-TiOx layers, quantifying the potential improvement for each
precursor.

Figure 6 illustrates the effect of introducing aluminium oxide in the TiOx stack (in-
tended 9 nm) for both precursors. For neither precursor, there is clear improvement in
MCLT when introducing AlOy in the stack.
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Figure 5. (a) Median sheet resistance measurement of the different thicknesses for the deposited TiOx

films after PDA. (b) Resistance measurement data distribution for the TiCl4 precursor. Error bars
illustrate the standard deviations for each condition/precursor.

Following the MCLT analysis of the samples, the sheet resistance of the Al2O3/TiOx
stacks was measured. In Figure 7, no clear differences in resistance between the precursor
stacks were observed. However, resistance was reduced by more than 40% (770 Ω/sq to
405 Ω/sq) from the original values of the TiOx layer for the TICl4 precursor. The measured
sheet resistance of the deposited AlOy/TiOx stacks was at approximately the same level for
all AlOy/TiOx ratios. The measured sheet resistances are detailed in the Supplementary
Materials.

3.3. TEM Analysis of Deposited Films

In order to better understand the differences observed between precursors, a TEM
analysis of three samples for each of the two titanium oxide ALD precursors was carried
out. These included the targeted 9 nm of pure TiOx annealed and as-deposited, along with
the targeted 9 nm deposited AlOy/TiOx stacks.

First the achieved, as opposed to targeted, TiOx and AlOy/TiOx layer thicknesses
were measured. The actual deposited thickness of the targeted 9 nm layers for the TiCl4
precursor was 16.6 nm for the annealed AlOy/TiOx (1:60) stack (Figure 8a), while for the
annealed TiOx (Figure 8b) and as-deposited TiOx (Figure 8c), the thicknesses were 8 nm
and 7.7 nm, respectively. For the TDMA-Ti precursor, the thickness was 12.1 nm for the
annealed AlOy/TiOx (1:1) stack (Figure 8d), 10.1 nm for the as-deposited TiOx (Figure 8f),
and 10.1 nm for the annealed TiOx (Figure 8e). As such, the intended deposited thicknesses
and the actual thickness of the layers were slightly different for the single TiOx deposited
films. The thickness of the AlOy/TiOx (1:60) stack using the TiCl4 precursor was 7.6 nm
thicker than expected, while the TDMA-Ti precursor thickness of the AlOy/TiOx (1:1) stack
was 3.1 nm thicker than intended. However, the pure TiOx layers deposited using the TiCl4
precursors are somewhat thinner than intended, while those deposited using TDMA-Ti are
slightly thicker than expected.
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μ

Figure 6. Measured median MCLT of the deposited AlOy/TiOx stack depending on the AlOy:TiOx
deposition cycle ratio after annealing at 300 ◦C. Error bars illustrate the standard deviations for each
condition/precursor.

As the initial ellipsometry measurements showed small thickness deviations for the
TDMA-Ti-deposited TiOx films, these measurements were not continued for the bulk of
samples. Hence, there may be differences in the thicknesses measured using ellipsometry
and those measured using TEM. Further work to compare the thicknesses obtained using
TEM and ellipsometry should hence be performed in future studies.

The TEM-measured thicknesses of the AlOy/TiOx stacks also deviate from those
intended. During the deposition, precursors were pulsed into the reactor one by one after a
certain amount of time (purging time). It is possible that the purging time for AlOy was
not long enough to remove the products of the TMA and H2O precursor reaction [41],
which resulted in the additional growth of the AlOy layer during the next pulses of water
precursor into the reactor. Thus, during the deposition of TiOx and AlOy, additional TMA
precursors may remain in the reactor, resulting in the additional growth of the oxide layer.

Elemental mapping using a combination of electron energy loss spectroscopy (EELS)
and energy-dispersive X-ray spectroscopy (EDS) was also carried out for each of the samples
(Figure 9). While EDS is not a quantitatively reliable tool, it gives a good indication of
the relative concentration of elements. A comparison of the AlOy/TiOx-deposited stacks
revealed that Al is distributed across the whole oxide layer for both precursors, while the
deposition process was performed layer-by-layer. In the case of the 1:1 AlOy/TiOx ratio,
such an Al distribution might be possible due to the proposed TDMA-Ti precursor residue
in the reactor. In the case of the 1:60 ratio, where only 1 deposition cycle of AlOy was
performed for 60 deposition cycles of the TiOx, and each cycle had its own purging, the
probability of the AlOy being distributed across the whole oxide layer caused by TDMA-
Ti precursor residues is low. However, the thickness of the deposited layer per cycle is
approximately 0.05 nm for TiOx, while it is 0.1 nm for the AlOy [34]. As a result, for the
1:1 cycle deposition, the thin film will consist of 0.05–0.1 nm thick layers, which are not
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possible to identify with the resolution of the TEM instrument used in this work. Thus,
the conclusion is that the EDS analysis does not have a high enough resolution to give an
accurate composition of the individual deposited layers.

Figure 7. Measured median sheet resistance of the deposited AlOy/TiOx stack depending on the
AlOy:TiOx deposition cycle ratio after annealing at 300 ◦C. Error bars illustrate the standard deviation
for each condition/precursor.

For both the as-deposited and annealed TiOx layers, a difference in the Ti:O ratio
between precursors was found. For both precursors, there was also a difference between the
as-deposited and annealed TiOx, which corresponded with the layer thickness differences.
The composition of the TiOx films from elemental mapping measured in atomic percentage
using EDS analysis is presented in Table 2. Although the values obtained using EDS cannot
be claimed to be quantitatively exact, relative differences are more reliable.

Table 2. Atomic percentage of the TEM EDS-analysed samples. Atomic percentage error indicates
summed EDS fitting error during a measurement.

Ti, Atomic % O, Atomic %

As-deposited TiOx (TiCl4) 22.83 ± 0.25 77.17 ± 0.78

As-deposited TiOx (TDMA-Ti) 29.53 ± 0.21 70.47 ± 0.47

Annealed TiOx (TiCl4) 20.76 ± 0.31 79.24 ± 0.99

Annealed TiOx (TDMA-Ti) 26.09 ± 0.20 73.80 ± 0.48

As summarised in Table 2 and suggested by the MCLT measurement results, it is
possible that the oxygen to titanium content dictates passivation properties. We can see
that the annealed samples of both precursors display a higher oxygen-to-titanium ratio and
a higher minority carrier lifetime than the as-deposited samples. This phenomenon was
also observed in previous work for the E-beam evaporated TiOx layer [42], indicating that
a higher oxygen content improves the passivation properties of the TiOx layer.
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Figure 8. ADF-STEM image showing the TiOx and AlOy/TiOx stack layers: (a) Annealed at 300 ◦C
AlOy/TiOx stack (1:60), TiCl4 precursor, (b) annealed at 250 ◦C TiOx layer, TiCl4 precursor, (c) TiOx

as-deposited, TiCl4 precursor, (d) annealed at 300 ◦C AlOy/TiOx stack (1:1), TDMA-Ti precursor,
(e) annealed at 250 ◦C TiOx layer, TDMA-Ti precursor, and (f) TiOx as-deposited, TDMA-Ti precursor.

The TEM work revealed that the TDMA-Ti-deposited TiOx was 2 nm thicker than the
TiCl4-based film. Such a thickness difference might affect the MCLT, as passivation tends
to increase with the thickness of the oxide layer [43,44]. The same trend is presented in
this work for the annealed TiOx from 3 to 9 nm thickness (Figure 2). This theory would
also explain the higher MCLT of the TDMA-Ti-deposited TiOx layer (at thicknesses ≤ 9 nm
intended thickness) over the TiCl4 precursor. However, if we assume that each deposited
TiOx TDMA-Ti thickness is 2 nm thicker than intended, in accordance with Figure 8, the
9 nm thick layer of TDMA-Ti TiOx still has a relatively higher MCLT than the 12 nm thick
TiCl4-based TiOx film.

During the high-resolution TEM analysis of the annealed samples obtained from the
TiCl4 precursor, crystallised areas were discovered. Figure 10 shows a high-resolution
TEM image of annealed TiOx (TiCl4) film (8 nm) with faint signals of crystallinity. For
neither of the AlOy/TiOx stacks (TiCl4) nor the as-deposited TiOx (TiCl4) samples, lattice
diffraction was indicated. For the annealed TDMA-Ti precursor samples, the same signals
of crystallinity were also revealed with electron diffraction of the selected area. Figure 11
shows the diffraction patterns in the annealed TiOx for both precursors. Like the TiCl4
precursor, the as-deposited samples from TDMA-Ti showed no traces of crystallinity.
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Figure 9. EDS/EELS elemental mapping of the samples analysed with TEM.

Figure 10. High-resolution TEM image showing the annealed TiOx sample (TiCl4 precursor) with
Fourier transforms (FFTs) of the layer attached (FFT zone axis (001)).
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(a) Annealed TiOx diffraction signal (b) Annealed TiOx diffraction signal 

  
(c) Si lattice diffraction signal (d) Si lattice diffraction signal 

Figure 11. Diffraction peaks from the selected area electron diffraction scanning for TiOx deposited
with different precursors.

Signs of nano-crystallinity for annealed TiOx have been reported in previous studies.
Phase-change from amorphous TiOx to anatase in atomic-layer-deposited TiOx (from
titanium IV isopropoxide TTIP precursor) was discovered in a post-deposition annealing
process at 450 ◦C [45]. In our case, the temperature of the PDA process was lower at
250 ◦C, and the crystallinity signal was weak. However, this may indicate that already
at 250 ◦C, the phase-change process is initiated in ultra-thin TiOx films. In order to gain
valuable information on the crystallinity of TiOx films, conducting grazing incidence X-ray
diffraction analysis must be considered in future research.

Crystallinity might affect passivation quality. During the TiOx phase change process,
additional oxygen might be absorbed, which will decrease oxygen deficiency in the film.
Another possible reason for the improvement in the measured MCLT after the PDA process
is the additional growth of the silicon oxide (SiO2) at the Si/TiOx interface [42,46]. Previous
studies have presented opposite effects on passivation quality with the crystallisation of
TiOx [46]. However, a previous study by the current first author on E-beam-deposited TiOx
indicated the same passivation improvement with film crystallisation [42].

Neither of the annealed AlOy/TiOx films deposited from TiCl4 and TDMA-Ti precur-
sors showed signs of crystallinity despite a higher annealing temperature (300 ◦C). These
samples also showed less improvement in passivation quality after the PDA process. This
might be related to a too-low temperature for “activation” of AlOy passivation [47] in con-
junction with the absence of a real stack, as aluminium is distributed across the whole film.
This probably affected the sheet resistance of the mixed oxide layer in comparison with TiOx
alone, as Al is widely used as a dopant to improve the conductivity of MO films [24,48].
The aluminium oxide presence might also hinder the crystal formation (phase change) of
TiOx. The reason for such an effect might be the formation of a new aluminium/titanium
compound (Alx-Oy-Tiz) in the passivation layer, resulting in the distribution of Al across
the oxide layer. Thus, a different temperature is required to improve the passivation quality
of the layer as well as initiate a phase change process for TiOx.
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4. Conclusions

This work aimed at comparing titanium oxide precursors (TiCl4 and TDMA-Ti) for
atomic layer deposition of passivating TiOx. The precursors were compared with respect
to the deposition temperature, post-deposition annealing composition, and properties of
deposited films.

A deposition temperature of 150 ◦C was found to be optimal for both precursors. It was
confirmed that post-deposition annealing of the deposited TiOx improves the passivation
quality of the oxides. The optimal post-deposition annealing temperature of 250 ◦C was
also similar for the two precursors.

The maximum achieved minority carrier lifetime (τeff) for the deposited 9 nm of TiOx
was 398 μs for the TDMA-Ti precursor and 286 μs for TiCl4. A TEM analysis of the as-
deposited and annealed TiOx revealed signals of nano-crystallinity for the post-deposition
annealed TiOx films for both precursors, indicating that a phase change of the atomic-layer-
deposited TiOx possibly starts at 250 ◦C. However, there is no evidence of a correlation
between crystallinity and passivation improvement.

Aluminium oxide (AlOy)/titanium oxide (TiOx) stacks showed higher passivation
quality than single TiOx films for both precursors with a maximum (τeff) of 311 μs for the
TiCl4 precursor. For the TiCl4 precursor, the passivation quality increased with a decreasing
AlOy:TiOx cycle ratio (from 1:1 to 1:60), while for the TDMA-Ti precursor, it was vice versa
(from 1:60 to 1:1). Furthermore, sheet resistance measurements showed that the AlOy/TiOx
stack had much lower resistance than the pure TiOx layer. Thus, we conclude that the Al
presence in TiOx films decreases sheet resistance, while additional experimental work, such
as optimising annealing temperature, is required to improve the passivation quality of the
AlOy/TiOx stack.

5. Future Perspectives

In order to continue the work of the current study, some future perspectives may be
presented: The performance of the deposition process for the two different ALD equipment
units should be tuned to the same GPC for the two precursors and, if possible, also
ensure the same precursor distribution during the deposition. This might be helpful to
better evaluate the correlation between deposited thickness and differences in sample
characteristics (e.g., MCLT). Moreover, further post-deposition analysis of the obtained
films such as grazing incidence X-ray diffraction analysis and transfer length measurements
(TLM) will give a better understanding of film conductivity and crystallinity. Further
experimental work investigating the effect of post-annealing duration on different TiOx
film thicknesses is recommended.
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Abstract: In this study, we fabricated Si-based heterojunction solar cells (HSCs) with an asymmetric
TMO–metal–TMO (TMT) structure using both MoO3 and V2O5 as the hole-selective contacts. Our
HSCs offer enhanced long-term stability and effective passivation for crystal defects on the Si sur-face.
We analyzed the oxygen vacancy state and surface morphology of the MoO3- and V2O5-TMO thin
films using X-ray photoelectron spectroscopy and atomic force microscopy to investigate their passiva-
tion characteristics for Si surface defects. From the measured minority carrier lifetime, V2O5 revealed
a highly improved lifetime (590 μs) compared to that of MoO3 (122.3 μs). In addition, we evaluated
the long-term stability of each TMO thin film to improve the operation stability of the HSCs. We
deposited different types of TMOs as the top- and bottom-TMO layers and assessed the effect of
the thickness of each TMO layer. The fabricated asymmetric TMT/Si HSCs showed noticeable
improvements in efficiency (7.57%) compared to 6.29% for the conventional symmetric structure
which used the same TMO material for both the top and bottom layers. Furthermore, in terms of
long-term stability, the asymmetric TMT/Si HSCs demonstrated an efficiency that was 250% higher
than that of symmetric TMT/Si HSCs, as determined via power conversion efficiency degradation
over 2000 h which is mainly attributed by the lower oxygen vacancy of the top-TMO, V2O5. These
results suggest that the asymmetric TMT structure is a promising approach for the fabrication of
low-cost and high-efficiency Si-based HSCs with enhanced long-term stability.

Keywords: transition metal oxide; asymmetric; passivation; long-term stability; silicon; heterojunction
solar cell

1. Introduction

In recent decades, crystalline silicon (c-Si) has become a prominent technology in the
global photovoltaic market due to its numerous advantages, including high efficiency, long-
term stability, abundant and non-toxic silicon material, and a favorable energy bandgap that
allows for effective light absorption in the visible region [1]. c-Si solar cells can be classified
into homojunction and heterojunction solar cells based on the type of junction material. The
p–n junction-based homojunction c-Si solar cell is favored for its high power conversion
efficiency (PCE) and stability [2]. However, the production of homojunction solar cells
is costly, as it requires a complex manufacturing process that inevitably includes high-
temperature doping processes, ≥800 ◦C [1,3]. To address the limitations of conventional
homojunction c-Si solar cells, researchers have been exploring the use of heterojunction
structures to reduce manufacturing costs and improve PCE. Generally, heterojunctions can
be fabricated through a simpler and less costly process, and materials that allow for the
formation of junctions at relatively low temperatures are attracting significant attention.
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These materials include graphene [4], transparent conductive oxides (TCOs) [5,6], transition
metal oxides (TMOs) [7,8], organic materials [9,10], and perovskite [11,12]. Among the
materials mentioned, transition metal oxides (TMOs) have been shown to be effective
carrier-selective materials that provide electrical properties and photovoltaic performance
that are suitable for dopant-free Si-based heterojunction solar cells (HSCs) [13–15]. TMOs
have a wide range of work functions, from 3 to 7 eV, which allows for the formation of
both hole- and electron-selective contacts by selecting appropriate materials [16]. TMOs
with high work functions close to 7 eV, such as molybdenum trioxide (MoO3), vanadium
pentoxide (V2O5), and tungsten trioxide (WO3), are particularly suitable for hole-selective
layers [17]. Additionally, the relatively large energy bandgap of TMOs (Eg > 3 eV) also
minimizes parasitic absorption when deposited as front contacts in HSCs [16,18]. More-
over, the presence of TMOs on Si surfaces leads to the formation of a thermodynamically
spontaneous silicon oxide (SiOx, where 0 ≤ x ≤ 2) layer at the TMO/Si interface, which
contributes as a passivation layer for the Si surface [13,19]. TMOs provide two types of pas-
sivation features for the Si surface: (1) chemical passivation, which decreases the density of
Si surface defects through chemical bonding between the oxygen in TMOs and the dangling
bonds on the Si surface; and (2) field-effect passivation, which arises from the high work
function of the TMO and produces an imbalance of electron and hole carrier concentrations
at the TMO/Si interface [20,21]. These properties of TMOs as passivation layers and as
carrier-selective contacts can reduce carrier recombination on the Si surface, increase the
efficiency of charge carrier extraction, and thus enhance the PCE of HSCs [22,23].

Despite the advantages of TMO introduced HSCs, the development of high-efficiency
TMO/Si HSCs faces several critical challenges originated from TMO layers, including the
following: (1) poor passivation effect (i.e., high carrier recombination velocity); (2) limited
long-term stability; and (3) high sheet resistance (Rsheet). First, the low passivation effect
results in a reduced PCE because it decreases the minority carrier lifetime [15]. The
formation of a low-quality SiOx passivation layer during the deposition of TMOs on the Si
surface is the root cause of this low passivation effect [24]. Second, the long-term stability
of the solar cells is limited by the high oxygen vacancy density in TMOs formed during
deposition by thermal evaporation, which reacts with airborne molecules (e.g., water) over
time, degrading the TMO work function and ultimately the stability of the HSC [25]. Lastly,
as a dielectric material, TMO thin film (TF) inherently exhibits a high Rsheet which inevitably
hinders the extraction of photogenerated carriers from inside Si [26]. To achieve high-
efficiency Si-based HSCs, it is crucial to develop methods that improve (1) the passivation
performance for the Si surface; (2) the efficiency of charge carrier extraction; and (3) the
long-term stability of the fabricated HSCs. The aim of this study is to simultaneously
achieve improved efficiency and long-term stability of TMO/Si HSCs after introducing
multilayered TMO with two different TMOs, namely, vanadium pentoxide (V2O5, VO) and
molybdenum trioxide (MoO3, MO). The optimal passivation characteristics of TMOs were
attained through morphological and stoichiometric analysis of the two deposited TMO TFs
(VO and MO), which were produced at low temperatures below 125 ◦C. However, it was
believed that the single-layer TMO structure would limit the PCE of the HSC. Therefore,
a TMO–Metal–TMO (TMT)-structured HSC was fabricated to further improve PCE. The
TMT/Si HSC was fabricated by introducing an asymmetric TMT structure through thermal
deposition. MO was used as the bottom-TMO (BTMO) due to its relatively low Rsheet, while
VO was used as the top-TMO (TTMO) to enhance field-effect passivation. We confirmed
that the VO TF used as a TTMO layer also offered enhanced long-term stability due to its low
oxygen vacancy density. From the report, we successfully demonstrate that the introduction
of an asymmetric TMT structure in a Si-based HSC significantly improves the PCE and long-
term stability of the HSC, even with simple and low-temperature fabrication processes.
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2. Experimental Section

2.1. Material and Sample Preparation

For Si, a double-sided polished n-type CZ Si wafer with a (100) orientation, thickness of
280 μm, and resistivity of 1.7–2.3 Ω·cm was employed. For sample preparation, the Si wafer
was cut to the size of 2× 2 cm for HSC fabrication, and it was cleaned through ultrasonication
for 15 min with acetone, methanol, and distilled water (DI water) in the order. The wafer
then underwent a standard RCA cleaning process (NH4OH : H2O2 : DI water = 1 : 1 : 5) for
15 min to remove organic residues on the wafer, and the wafer was dipped for 1 min in 1%
diluted HF solution to remove the native oxide. After the HF dip process, the VO and MO
(Alfa Aesar, Haverhill, MA, USA, 99.995% powder) TFs were deposited using a molybdenum
(Mo) boat via vacuum thermal evaporation. Each TMO was deposited at a rate of 0.2 Å/s and
a vacuum level of 1× 10−6 mbar at the target heating temperatures (no heating, 75 ◦C, and
125 ◦C). In the case of the metal electrode, Al and Ag were deposited to a thickness of 200 nm.
at a rate of 1.0 Å/s and a vacuum level of 1× 10−6 mbar. To examine the change in passivation
characteristics with Si substrate temperature, HSC with a TMO/Si/TMO sandwich structure
was fabricated by deposition after heating the substrate up to different target temperatures
such as room temperature (RT, i.e., no-heating), 75, and 125 ◦C.

2.2. Characterization

The minority carrier lifetimes (τe f f ) of the Si samples with a single-TMO TF and
a TMT multilayer were measured with a photoconductance decay system (WCT-120,
Sinton Instrument Inc., Boulder, CO, USA). The surface morphology of the TMO TF was
analyzed using atomic force microscopy (AFM, tapping mode, Multi-Mode V, Veeco,
Oyster Bay, NY, USA). Furthermore, the chemical composition and oxygen deficiency of
TMO TFs were analyzed using X-ray photoelectron spectroscopy (XPS, ESCALB-250XI,
Thermo-Fischer Scientific, Waltham, MA, USA). The sheet resistance (Rsheet) of the TMO
TF was measured using the transmission line method (TLM) after setting the voltage scan
range −1.0 to 1.5 V. Finally, the PCE of the fabricated HSCs was investigated using a solar
simulator under an air mass (AM) 1.5 G condition. (Note: to obtain the reliability of data,
3 to 5 identical samples were fabricated for each characterization.)

3. Results and Discussion

3.1. Effect of TMO on the Performance of TMO/Si HSCs

In this study, to evaluatie the Si surface passivation characteristics of two different
TMOs according to the deposition temperatures, sandwich structured samples were fabri-
cated with MO or VO deposited on both sides of the Si substrate at substrate temperatures
of RT, 75, and 125 ◦C. The minority carrier lifetimes (τe f f ) of the samples were measured,
and the results are presented in Figure 1a,b. In Figure 1b, for MO, the highest τe f f (122.3 μs)
was measured at RT, followed by a decrease in τe f f with increasing substrate tempera-
ture. However, for VO, the highest τe f f (590 μs) was measured at 75 ◦C. This substrate
temperature-dependent τe f f behavior is attributed to the change in the initial TMO/Si in-
terface area (i.e., active region) for supplying oxygen atoms to the Si substrate as the aspect
ratio (AR) of the initially deposited TMO nano island changes with increasing substrate
temperature [24]. Figure 1d–i shows the AFM images of the nano islands according to the
substrate temperature. Figure 1c reveals that the AR of the nano island is lowest at 75 ◦C
and RT in the case of VO and MO, respectively, which is consistent with the τe f f result
shown in Figure 1b. Furthermore, in the case of VO, the lowest AR was observed at 75 ◦C,
which confirms that the initially depositing VO can supply oxygen atoms to the Si surface
more efficiently than the equivalent case in MO.
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Figure 1. (a) τe f f of two TMOs (VO and MO) deposited at different temperatures (RT, 75, and 125 ◦C);
(b) extracted τe f f values at the carrier injection level of 1.5 × 1015 cm−3; (c) aspect ratio of TMO
islands; (d–i) the width and height of each TMO island deposited at various substrate temperatures.

However, despite the low AR of the VO nano island, the Gibbs formation energy (ΔG)
for the formation of SiO2 from MO (ΔGMO→SiO2 = −406 kJ/mol) is more negative than
that from VO (ΔGVO→SiO2 = −285 kJ/mol) [21]. Therefore, even though the formation of
SiO2 from MO is a thermodynamically more favorable, it is believed that the enhanced
passivation performance of VO is due to factors other than SiOx formation—specifically,
the improved field-effect passivation of VO. The characteristics of the enhanced field-effect
passivation of VO will be further discussed in Section 3.2. The performances of VO/Si and
MO/Si HSCs were evaluated by depositing VO and MO on the Si surface, respectively, to
analyze the relationship between the passivation characteristics of the TMO TFs and the
PCE of the fabricated HSCs. Figure 2 shows the current density-voltage (J–V) curves, while
Table 1 provides details on the solar cell performance parameters of the TMO/Si HSCs
under both dark and illuminated conditions. Despite the exceptional Si surface passivation
performance of VO as demonstrated in Figure 1b, the actual PCE of the MO/Si HSC was
slightly higher than that of the VO/Si HSC, as shown in Table 1.

The performance parameters of the solar cells listed in Table 1 indicate that despite
the better passivation performance of VO, it does not translate into an improvement in
the actual PCE of the VO/Si HSC, which can most probably be attributed to the high
series resistance (Rs) of the VO/Si HSC. This demonstrates that the VO material itself
has a high parasitic resistance in the device compared to MO. The Rsheet of each TMO
TF was determined through transmission line method (TLM) measurements, as shown in
Figure 3 [27]. By comparing the Rsheet of each TMO TF, it was found that VO has a Rsheet
that is 20% higher than that of MO followed by relatively lower charge extraction efficiency
with VO TF. The high Rsheet of the VO TF is caused by its lower density of oxygen vacancies
compared to that of the MO. To further examine these relationships, X-ray photoelectron
spectroscopy (XPS) spectra were analyzed for each TMO TF.
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Figure 2. Current density–voltage (J–V) curves of TMO/Si HSCs under (a) dark and (b) light
(AM1.5) conditions.

Table 1. Solar cell performance parameters of TMO/Si HSCs under light (AM1.5) conditions.

Sample
Jsc

(mA/cm2)
Voc

(mV)
FF
(%)

Rsh

(Ω·cm2)
Rs

(Ω·cm2)
PCE
(%)

VO_75 ◦C 14.09 618 37.81 14,102 5.65 3.29 ± 0.09
MO_RT 13.29 603 43.20 13,291 3.54 3.46 ± 0.11

 
Figure 3. Sheet resistance of TMO TFs extracted from the ohmic current–voltage responses from TLM
measurements (inset: structure of the fabricated TLM sample).

The XPS spectra of V 2p and Mo 3d are shown in Figure 4, and the integrated peak
area ratio of the oxidation states of the two TMOs is presented in Table 2. In the case of
VO, the V5+ ratio, which forms complete stoichiometric V2O5 in the deposited VO, was as
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high as 88.3%. However, for MO, the Mo6+ ratio, which forms MoO3, was 80.5%, which
is lower than the oxidation state ratio of VO. The difference in these values indicates that
more metallic TFs were formed with MO compared to VO, which is believed to be the
reason for the higher Rsheet of VO TF. The comparison of the resistance and passivation
characteristics of the respective TMO TF, as well as the PCE of TMO/Si HSCs, confirm that
the implementation of low resistance TMO is critical for high-efficiency TMO/Si HSCs.
However, in terms of the TMO/Si HSC efficiency, considering the low PCE value of 3.46%
despite the comparatively low Rs, further improvement in PCE should be required. In
addition, the high density of oxygen vacancy (i.e., Mo5+) in TMO, which results in low Rsheet
in MO TFs, degrades their long-term stability through a reaction with airborne molecules
such as water when exposed to the ambient environment, thereby lowering the PCE of the
fabricated HSC over time [25]. Figure 5a depicts the change in τe f f over time for Si samples
deposited with VO or MO for both sides, respectively, and as shown in the graph, for MO,
τe f f is measured at 39% of the initial level over the 2000 h measurement. In contrast, in
the case of VO with a relatively low oxygen vacancy density, τe f f is maintained at a higher
level, which is 81% of the initial level, and comparison of these two results clearly indicate
poor stability of MO. The degradation of the TMO over time is more pronounced from
the change in HSC efficiency over time, as shown in Figure 5b. After 2000 h, PCE of the
MO/Si HSC was measured at 27% of the initial level, whereas that of VO/Si HSC was at
72%. This suggests that excessive formation of high oxygen vacancies in MO considerably
degrades the passivation performance and PCE. Thus, for fabrication of high-efficiency
TMO/Si HSCs with long-term stability, techniques to simultaneously achieve (1) low TMO
resistance; (2) improved Si surface passivation; and (3) low oxygen vacancy density must
be developed.

Figure 4. (a) V(2p) XPS spectra of VO TF deposited at a substrate temperature of 75 ◦C and (b) Mo(3d)
XPS spectra of MO TF deposited at RT.

Table 2. Integrated peak area ratio of vanadium and molybdenum oxidation states of each TMO TF.

Sample
Ratio of V Oxidation State (%)

Sample

Ratio of Mo Oxidation
State (%)

V5+ V4+ V3+ Mo6+ Mo5+

VO
(@ 75 ◦C) 88.3 10.5 1.2 MO

(@ RT) 80.5 19.5
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Figure 5. (a) Degradation of τe f f and (b) PCE degradation of TMO/Si HSCs over 2000 h.

3.2. Effect of TMO Thickness on TMT/Si HSC Performance

As discussed in Section 3.1, the VO TF offers excellent Si surface passivation charac-
teristics, but a high resistance value; in contrast, the MO TF provides a low resistance, but
exhibits poor Si surface passivation performance. In this study, we endeavored to build an
asymmetric TMT-structured HSC that uses both TMOs (MO and VO) to increase device
performance and long-term stability by exploiting the properties of the two TMOs. In the
design of the HSC structure, we aimed to further improve the charge carrier extraction
efficiency of the fabricated HSC by sandwiching the Ag metal layer as a conductive layer
between the two TMO TFs [28,29]. For the fabrication of the asymmetric TMT/Si HSC,
a low Rsheet MO TF was applied as the BTMO, and a VO TF with a low oxygen vacancy
density was deposited as the TTMO to overcome the insufficient Si surface passivation of
the bottom MO TF through the enhanced field-effect passivation. The thickness of each
TMO TF was optimized to fabricate an asymmetric TMT/Si HSC; to this end, MO/Si HSCs
were first fabricated, and the effect was analyzed according to the thickness of the bottom
MO TF. Figure 6 depicts J–V curves of the MO/Si HSCs with 8-, 15-, and 30-nm-thick MO
TFs under dark and illuminated conditions. The solar cell parameters of the fabricated
HSCs are outlined in Table 3. The highest PCE, 3.81%, was achieved when the 8-nm thick
MO TF was used, and the PCE declined with increasing thickness of the MO TF. The drop
in PCE is primarily attributed to increased Rs with 15- and 30-nm-thick MO TFs, 3.39 and
3.57, respectively, as shown in Table 3.

Figure 6. J–V curves of the MO/Si HSCs according to MO layer thickness under (a) dark and (b) light
(AM1.5) conditions.
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Table 3. Solar cell characteristic parameters of the MO/Si HSCs according to the MO layer thickness
under light (AM1.5) conditions.

MO
Thickness

Jsc

(mA/cm2)
Voc

(mV)
FF
(%)

Rsh

(Ω·cm2)
Rs

(Ω·cm2)
PCE
(%)

8 nm 14.07 606 44.73 14,089 2.10 3.81 ± 0.05
15 nm 14.16 605 42.84 14,166 3.39 3.67 ± 0.06
30 nm 12.68 607 45.16 12,666 3.57 3.48 ± 0.09

Furthermore, the effect of the top VO thickness on TMT/Si HSC performance was
investigated. To this end, the TMT/Si HSCs were fabricated with the bottom MO and
middle Ag layer thicknesses fixed at 8 nm and 15 nm, respectively, and the top VO with
varying thicknesses of 15 nm, 35 nm, 55 nm, and 75 nm was deposited. The changes in
solar cell parameters and τe f f according to the top layer thickness were analyzed. Figure 7
and Table 4 show the J–V curves and solar cell parameters under dark and illuminated
conditions as a function of the thickness of the top VO, respectively. The values in Table 4
indicate that as the thickness of the TTMO increased, the PCE of the fabricated device
increased. The highest PCE (7.57%) was achieved when the top VO has a thickness of
55 nm. However, the sample with 75 nm of top VO TF showed a lower PCE (3.33%). This
drop in PCE is mainly attributed to the increased Rs, 12.46 Ωcm2, with 75 nm compared to
2.91 Ωcm2 of 55 nm as shown in Table 4.

Figure 7. J–V curves of the TMT/Si HSCs according to the top VO layer thickness under (a) dark and
(b) light (AM1.5) conditions. (c) Vbi values of the fabricated TMT/Si HSCs according to the top VO
layer thickness.

Table 4. Solar cell characteristic parameters of the TMT/Si HSCs according to the top VO layer
thickness under light (AM1.5) conditions.

MO/Ag/VO
Jsc

(mA/cm2)
Voc

(mV)
FF
(%)

Rsh

(Ω·cm2)
Rs

(Ω·cm2)
PCE
(%)

8 nm/15 nm/15 nm 17.54 537 48.36 17,566 6.31 4.56 ± 0.17
8 nm/15 nm/35 nm 20.40 552 45.37 20,394 4.19 5.11 ± 0.14
8 nm/15 nm/55 nm 23.24 574 56.78 23,207 2.91 7.57 ± 0.07
8 nm/15 nm/75 nm 21.08 573 27.57 21,051 12.46 3.33 ± 0.06

The improvement in PCE with the thicker top VO TFs is because the work func-
tion of the top VO becomes more dominant at the TMO/Si interface as the thickness
increases [30,31]. However, in this TMT structure, the work function of top VO would be
inevitably pinned at that of inserted metal (i.e., Ag) layer. Therefore, to expect thickness
effect of top VO TF, the deposited Ag layer should not fully cover the MO surface to offer
direct contact between top VO and bottom MO TFs over a certain fraction of the area.
Therefore, before further discussion on the thickness effect of top VO TF, the morphology
of the deposited Ag layer was measured with AFM, and the results are shown in Figure S1.
For AFM, three different Ag thicknesses (i.e., 10, 15, 20 nm) were fabricated to investigate
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Ag thin film growth mechanisms in addition to their morphologies. From the AFM results,
the deposited Ag layer on the MO surface produced discontinuous island-shaped surface
morphologies for all three samples. which indicate that dominant thin-film growth mecha-
nism for Ag layer on the MO surface is the Volmer–Weber growth mechanism. Based on
these AFM results, it is clear that the top VO TF would form direct contact with the bottom
MO TF over a certain area fraction to weaken the fermi-level pinning with Ag. (Note: in
Figure S2 and Table S1, the measured J–V curve and the device parameters of TMT/Si
HSCs are also provided, which showed that a 15 nm Ag layer is the optimal thickness for
HSC fabrication.)

The work function values for MO and VO are known to be similar at 6.9 and 7.0 eV,
respectively [16,32]. However, as shown from the XPS results presented in Table 2, the
stochiometric V2O5 ratio of VO is higher than the ratio of the oxidation state of MO; thus,
its work function value is also predicted to be higher than that of MO. This is because the
reduction of the oxygen vacancy density induces a decrease in the free carrier concentration
inside the TMO, thereby weakening the n-type doping effect [33,34]. Therefore, with the
increasing thickness of the top VO, VO work function value increases; a higher value is
predicted to dominate the behavior at the TMO/Si interface. Consequently, as the thickness
of the top VO increases, the built-in potential (Vbi) of the TMO/Si interface increases, and
this increase may lead to (1) reduced surface recombination loss because of the strengthened
field-effect passivation effect; and (2) higher open circuit voltage (Voc) for the fabricated
HSCs [35,36]. To validate the assumption, the current density–voltage diode equation
(Equation (1)) was applied to the J–V curve (Figure 7a) obtained from the fabricated HSCs
under the dark condition, and the saturation current (J0) was calculated from Equation (2):

J = J0

(
exp

(
eV

nkT

)
− 1

)
; (1)

J0 = A∗AT2 exp
(
−Vbi

kT

)
, (2)

where A is the contact area; A* is the effective Richardson constant (120 Acm−2K−2 for
n-type silicon); T is 25 ◦C (298 K); k is the Boltzmann constant; n is the ideality factor; J0
is the reverse saturation current density; Vbi is the barrier height in Schottky diodes (i.e.,
a built-in-potential); and q is the elementary charge. In this way, Vbi was extracted and
presented in Figure 7c [37]. In Figure 7c, it can be seen that the calculated Vbi increased
with the increasing top VO thickness. The increase in the Voc observed in Figure 7c reflects
and confirms the influence of Vbi on the solar cell parameters. Furthermore, the higher
Vbi induces an imbalance in electron and hole concentrations owing to the strengthened
field-effect at the TMO/Si interface—this is expected to reduce the carrier loss caused by the
Shockley–Read–Hall recombination (RSRH) at the Si surface as expressed in Equation (3);
this, in turn, extends the τe f f of the device [37,38].

RSRH =
(

ns ps − ni
2
)

vth ×
∫ Ec

Ev

D(Et)

(ns + n1)/σp(Et) + (ps + p1)/σn(Et)
dEt, (3)

where n1 and p1 are the densities of the electrons and holes in the bulk, respectively; ns
and ps are the densities of the electrons and holes at the surface, respectively; vth is the
thermal velocity; Ec and Ev are the conduction and valance band energies, respectively; Dit
is the density of the interface states; and σn and σp are the energy-dependent capture cross
sections of the holes and electrons, respectively. Figure 8 shows the measured τe f f values
as a function of the top VO thickness. The τe f f value increased as the top VO thickness
increased, as predicted. The τe f f was recorded its highest value (155.2 μs) at a thickness
of 55 nm, and it decreased somewhat at 75 nm but still remained high. Thus, for the
fabrication of the TMT/Si HSC with different TMOs, increasing the TTMO thickness up to

51



Materials 2023, 16, 5550

a value below the critical thickness (the thickness at which the device resistance increases)
is expected to improve the overall PCE of the HSC.

Figure 8. (a) Minority carrier lifetimes of the TMT multilayer deposited with various top VO
thicknesses; (b) τe f f values at the carrier injection level of 1.5 × 1015 cm−3.

3.3. Comparison between Asymmetric and Symmetric TMT/Si HSCs

In this section, we compared the solar cell performance and long-term stability of the
asymmetric TMT/Si HSC with the conventional symmetric TMT/Si HSC having one kind
of TMOs for BTMO and TTMO. For the symmetric TMT/Si HSCs, samples for comparison
were fabricated with structures of MO (8 nm)/Ag (15 nm)/MO (55 nm) (MAM) and VO
(8 nm)/Ag (15 nm)/VO (55 nm) (VAV). For the asymmetric TMT/Si HSCs, samples were
fabricated with structures of MO (8 nm)/Ag (15 nm)/VO (55 nm) (MAV) and VO (8 nm)/Ag
(15 nm)/MO (55 nm) (VAM). Figure 9 shows the J–V curves of the fabricated HSCs under
dark and illuminated conditions, and the solar cell parameters of each type of HSCs are
presented in Table 5.

 
Figure 9. J–V curves of the fabricated TMT/Si HSCs under (a) dark and (b) light (AM1.5) conditions.
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Table 5. Solar cell characteristic parameters of the fabricated TMT/Si HSCs under light (AM 1.5)
conditions.

Sample
Structures

Jsc

(mA/cm2)
Voc

(mV)
FF
(%)

Rsh

(Ω·cm2)
Rs

(Ω·cm2)
PCE
(%)

VO 8 nm/Ag
15 nm/VO

55 nm (VAV)
11.11 591 37.76 11,146 5.47 2.48 ± 0.05

MO 8 nm/Ag
15 nm/MO

55 nm (MAM)
19.42 547 59.22 19,411 2.54 6.29 ± 0.22

VO 8 nm/Ag
15 nm/MO

55 nm (VAM)
18.20 579 45.90 18,313 7.85 4.84 ± 0.18

MO 8 nm/Ag
15 nm/VO

55 nm (MAV)
23.24 574 56.78 23,207 2.91 7.57 ± 0.07

Among the four different TMT/Si HSCs, the HSCs that applied MO as the BTMO,
MAM and MAV, exhibited higher PCEs compared to those of VAV and VAM. This is
attributed to an increase in the charge extraction efficiency of the photogenerated carrier,
resulting from the low resistance of the MO layer itself. However, in the case of MAM
(where MO was also applied as the TTMO), as shown in Figure 10, due to the formation of
excessive oxygen vacancies in the MO layer, rapid PCE degradation over time was observed
in relation to other HSCs used for comparison; this reveals the undesirable poor long-term
stability of the HSC. However, in the case of the asymmetric TMT/Si HSC with the MAV
structure, with the application of MO as the BTMO and VO as the TTMO, the highest PCE
of 7.57% was achieved; enhanced long-term stability was also observed. From these results,
in the future, a high-efficiency TMT/Si HSC with long-term stability can be developed
through additional stoichiometry control and thickness optimization of the TMOs.

Figure 10. PCE degradation ratios of the fabricated TMT/Si HSCs over 2000 h.

4. Conclusions

In this study, an asymmetric TMT (TMO–Metal–TMO) structure was introduced to
overcome the limitations of existing TMO/Si HSCs. The asymmetric TMT structure was
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achieved by depositing MO with low resistance as the BTMO and VO with improved
field-effect passivation as the TTMO. The results showed that the oxygen vacancy density
plays a crucial role in determining the electrical properties of TMO TFs, the Si surface
passivation effect, and the long-term stability of the HSC. The VO TF demonstrated better
Si surface passivation and long-term stability, but its high resistance resulted in a low
PCE compared to the MO TF. By combining the advantages of both MO and VO, the
asymmetric TMT/Si HSC showed 20% improved PCE and long-term stability compared
to the conventional symmetric TMT/Si HSC. This is because (1) lower resistance with
bottom MO having higher density of oxygen vacancy; and (2) the enhanced field effect
passivation and long-term stability with top VO TF, revealing lower density of oxygen
vacancy. Therefore, the proposed asymmetric TMT/Si HSC could be a promising solution
for low-cost and high-efficiency c-Si-based solar cells with improved Si surface passivation
and long-term stability.

Supplementary Materials: The following supporting information can be downloaded at: https://
www.mdpi.com/article/10.3390/ma16165550/s1, Figure S1: AFM images of Ag layers deposited on
MO surface: (a) 10 nm, (b) 15 nm, and (c) 20 nm; Figure S2: J–V curves of the TMT/Si HSCs according
to the middle Ag layer thickness under (a) dark and (b) illumination (AM1.5) conditions; Table S1:
Solar cell characteristic parameters of the TMT/Si HSCs according to the middle Ag layer thickness
under illumination (AM1.5) conditions.
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Abstract: In this study, we improved the growth procedure of EuTe and realized the epitaxial growth
of EuTe4. Our research demonstrated a selective growth of both EuTe and EuTe4 on Si(100) substrates
using the molecular beam epitaxy (MBE) technique and reveals that the substrate temperature plays a
crucial role in determining the structural phase of the grown films: EuTe can be obtained at a substrate
temperature of 220 ◦C while lowering down the temperature to 205 ◦C leads to the formation of
EuTe4. A comparative analysis of the transmittance spectra of these two films manifested that EuTe is
a semiconductor, whereas EuTe4 exhibits charge density wave (CDW) behavior at room temperature.
The magnetic measurements displayed the antiferromagnetic nature in EuTe and EuTe4, with Néel
temperatures of 10.5 and 7.1 K, respectively. Our findings highlight the potential for controllable
growth of EuTe and EuTe4 thin films, providing a platform for further exploration of magnetism and
CDW phenomena in rare earth tellurides.

Keywords: EuTe; EuTe4; molecular beam epitaxy; thin film growth; structural characterization

1. Introduction

Rare earth tellurides (ReTex) exhibit a diverse range of intriguing properties including
charge density waves (CDW) [1–4], two-dimensional (2D) magnetism [5,6], as well as
thermal hysteresis effects on resistivity and CDW gap [7,8], making them promising candi-
dates for studying electron correlation phenomena and various applications in spintronics.
Among these materials, europium tellurides are particularly unique due to the half-filled 4f
orbital of the Eu atom ([Xe] 4f7 6s2). According to Hund’s rule, the Eu atom possesses the
maximum spin angular momentum with zero orbital angular momentum (L = 0, J = S = 7

2 ).
As a result, the magnetism in europium tellurides arises solely from the spin of the Eu atom.

Europium chalcogenides were among the earliest discovered magnetic semiconductors.
In particular, EuTe, a renowned antiferromagnetic semiconductor, has been extensively
studied for over half a century [9–12]. As shown in Figure 1a, it exhibits a face-centered
cubic rock salt structure with a bulk lattice constant of a = b = c = 6.598 Å [13]. The
valence state of Eu and Te in EuTe are +2 and −2, respectively [14]. In EuTe, the magnetic
moments are carried by Eu, and the magnetic properties of EuTe can be depicted by an
isotropic Hamiltonian, accounting only for the nearest and next-nearest neighbor exchange
interactions [15–17]. At low temperatures, EuTe transitions into a type II antiferromagnet
with a Néel temperature of 9.8 K [18].
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Figure 1. Three-dimensional (left panels), front (middle panels), and top views (right panels) of the
(a) EuTe and (b) EuTe4 lattice. The yellow balls represent the Eu atoms, the purple balls represent the
Te atoms in the middle layer (Temid) of EuTe4, and the green balls represent the Te atoms in other
positions. The blue solid rectangles indicate the respective unit cells, while the red double-headed
arrows denote the single-layer thickness of both films.

In contrast, EuTe4 is a newly discovered van der Waals layered material that has
received significant attraction in recent years [7,8,19–21]. As illustrated in Figure 1b, EuTe4
adopts an orthorhombic lattice structure with a space group of Pmmn (No. 59) at room
temperature. The lattice constant of EuTe4 in its normal state are as follows: a = 4.5119(2) Å,
b = 4.6347(2) Å, c = 15.6747(10) Å [20]. The unit cell of EuTe4 comprises a Te-EuTe-Te-
EuTe-Te quintuple layer. The valence states of the Eu and Te ions in the Eu-Te slab are +2
and −2, respectively, while the valence state of the isolated Te layers remains nominally
neutral [7]. The nearly square Te layers are unstable and tend to be distorted, resulting in
CDW transition above 400 K [7]. Remarkably, EuTe4 exhibits a unique type of metastability,
characterized by a thermal hysteresis that spans over 400 K in temperature. More specifi-
cally, the CDW gap and electrical resistivity of EuTe4 manifest different behaviors even at
an identical temperature, depending upon the preceding temperature variation path (for
instance, whether it was heated up to 300 K or cooled down to 300 K) [7]. The origin of this
thermal hysteresis deviates from conventional mechanisms and can be elucidated by the
switching of CDW phases in distinct Te layers, a phenomenon not present in 2D or strongly
correlated 3D systems [7].

Despite extensive research on EuTe, the high-quality synthesis of EuTe thin films
remains a challenge. Previous studies used BaF2(111) as the growth substrate, but the large
lattice mismatch between EuTe film and BaF2 substrate necessitated the incorporation of
PbTe(111) film as a buffer layer [22–26]. Moreover, the film quality was highly sensitive
to the substrate temperature and required a rigorous flux ratio control. Furthermore, the
thickness of EuTe film grown on BaF2 was also limited to 45 layers due to the formation
of a strain-induced three-dimensional island [22]. Therefore, it is necessary to improve
the growth procedure of EuTe in order to attain a deeper comprehension of the rich
magnetic properties within this system. On the other hand, the current research on EuTe4
primarily focuses on its bulk properties, lacking a systematical investigation on EuTe4 thin
film in a 2D limit. The synthesis of 2D epitaxial EuTe4 thin film serves as a platform to
facilitate our understanding of the mechanisms behind its CDW behavior in subsequent
studies. Also, it offers an opportunity to delve into the competitive interactions between
different Te atomic layers, unraveling the underlying mechanisms that drive the thermal
hysteresis phenomena.

Substrate temperature is a key factor in the molecular beam epitaxial (MBE) growth of
thin films. Typically, substrate temperature only affects the morphology and quality of the
films [27–29]. In specific instances, such as MoS2 [30], WSe2 [31], and TaTe2 [32], precise
temperature control enables the selective growth of films with different crystalline struc-
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tures. By carefully tuning the substrate temperature, one can manipulate the microstructure
of the material at the atomic level. Such control paves new paths to precisely tailor the
optical, magnetic, and electronic properties of the films.

In this research, we improved the growth procedure for EuTe and realized the epi-
taxial growth of EuTe4 utilizing MBE. The selective growth of EuTe and EuTe4 was also
achieved by precisely adjusting the substrate temperature. In combination with reflection
high energy electron diffraction (RHEED), X-ray diffraction (XRD), and scanning trans-
mittance electron microscopy (STEM) techniques, we examined the difference of lattice
structures and crystalline orientations between EuTe and EuTe4 films. In addition, we
compared the relative stoichiometry ratio and valence state between EuTe and EuTe4 films
via X-ray photoelectron spectroscopy (XPS). The experimental data demonstrated that
a substrate temperature of 220 ◦C results in the growth of EuTe, and conversely, EuTe4
film forms at a lower temperature of 205 ◦C. Additionally, we further investigated the
physical properties of the two materials. The XPS spectra near the Fermi level indicated
that EuTe is a semiconductor, with its valence band top located about 0.6 eV below the
Fermi level. For EuTe4, the density of states stretches to the vicinity of the Fermi level.
The transmittance spectra verified the semiconductive property of EuTe and discovered
the existence of a CDW gap in EuTe4 at room temperature. In addition, superconducting
quantum interference device (SQUID) measurements denoted that EuTe and EuTe4 are
both antiferromagnetic materials, with Néel temperatures of 10.5 and 7.1 K, respectively.
Our results developed the fabrication and physical property investigation of epitaxial 2D
materials based on rare earth elements.

2. Methods

The growth of EuTe and EuTe4 films was conducted in an MBE system (GC inno,
Changzhou, Jiangsu, China) with a base pressure of 1 × 10−10 mbar. The conductive
Si(100) wafers (n-type boron doped, 0.01~0.05 Ω·cm, HF-Kejing, Hefei, Anhui, China) were
selected as substrates. Prior to the growth, the substrates underwent a degassing process at
600 ◦C for 3 h, followed by a standard flash procedure at 1200 ◦C to achieve an atomic flat
surface [33]. The films were grown by co-deposited high-purity Eu (99.9%) and Te (99.999%)
shots (PrMat, Shanghai, China) via standard Knudsen Cells on the Si(100) substrate. The
temperatures of the evaporation sources for Eu and Te were maintained at 460 ◦C and
320 ◦C, respectively, with flux ratio of Eu:Te keeping ~1:20. The growth of the film was
monitored by an in situ RHEED and the growth rate of EuTe and EuTe4 was about 0.3 and
0.2 nm per minute (nm/min), respectively. The thickness of the grown film, defined as the
length in the z-direction of Figure 1a,b, was roughly estimated by the growth time.

The crystal structure of the grown films was determined by an ex situ XRD (D8
ADVANCE, Bruker, Billerica, MA, USA) with Cu Kα source (wavelength λ = 1.5406 Å). A
spherical aberration-corrected scanning transmission electron microscopy (STEM, Titan
Themis G2, FEI, Hillsboro, OR, USA) was employed for further examining the structure of
the grown films. To protect the films from possible oxidation in atmosphere and ensure
the sample was grounded during the STEM measurements, a ~20 nm thick amorphous Eu
metal film was deposited on the sample surface at room temperature before moving the
sample from the MBE chamber. The samples were fabricated by the focused ion beam (FIB,
Helios Nanolab 600i, FEI, Hillsboro, OR, USA) technique before STEM characterizations.
The stoichiometric information of EuTe and EuTe4 were compared by an in situ XPS with
a resolution of ~0.2 eV, where the monochromatic X-ray (Al Kα, 1486.7 eV) was used as
the excitation light source (Scienta Omicron MECS, Taunusstein, Hesse, Germany). The
ex situ transmittance spectra of EuTe and EuTe4 were measured at room temperature,
with light incident perpendicular to the sample surface and data collected by a Fourier
transform spectrometer (Vertex 80 V, Bruker, Billerica, MA, USA). The magnetic properties
were characterized by an ex situ superconducting quantum interference device vibrating
sample magnetometer (SQUID-VSM, Quantum Design, San Diego, CA, USA). During the
magnetic measurement, a magnetic field of 5000 Oe was applied parallel to the film surface.
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3. Results and Discussions

3.1. Growth and Structural Characteristics of EuTe and EuTe4 Films

Figure 2a displays the RHEED pattern of a 2 × 1 surface-reconstructed Si(100) substrate
after the standard flash procedure, with the electron beam incident along the Si<100>
direction. To clarify the lattice orientations of the substrate and grown films, we present
the 45◦-rotated RHEED diffraction pattern of Figure 2a in Figure 2b, where the electron
beam incident is along the Si<110> direction. Figure 2c provides a schematic diagram
of the atomic arrangement on the Si(100) surface. The black arrows indicate the incident
directions (0◦ and 45◦) of the RHEED electron beam, while the red and blue double-headed
arrows correspond to the space between the diffraction stripes indicated in Figure 2a,b,
respectively.

Figure 2. (a,b) RHEED patterns of a Si(100) substrate with incident beam angles of 0◦ and 45◦,
respectively. (c) Corresponding top view lattice arrangement for Si(100). The black arrows in
(c) represent the incident direction of electron beams, while the blue and red arrows between atoms
denote the RHEED diffraction stripe spacings as indicated in (a,b). The in-plane lattice constants,
derived from the subsequent STEM analyses, are also annotated in the lattice arrangement diagram
of (c). (d–i) Analogous to (a–c) for (d–f) a ~10 nm EuTe film and (g–i) a ~10 nm EuTe4 film.

The substrate temperature played an essential role in determining the structural phase
of the grown film. Figure 2d,e present the RHEED diffraction patterns of a ~10 nm thick
film grown at 220 ◦C with the incident electron beam along the Si<100> (0◦) and Si<110>
(45◦) directions, respectively. This film is further identified as EuTe by the subsequent XRD
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and STEM characterizations. The symmetry of the EuTe RHEED patterns matches that
of the silicon substrate, demonstrating a four-fold rotational invariance. This rotational
symmetry indicates the grown film possesses a tetragonal structure with the EuTe(001)
as the surface orientation, which is notably different from the scenario of EuTe grown
on a BaF2(111) substrate with PbTe as a buffer layer, where the surface orientation of the
EuTe/PbTe/BaF2 film is the (111) plane, displaying a six-fold rotational symmetry [13].
Moreover, as the thickness of the film increases, no evidence of 3D island growth was
observed, contrasting with the behavior of the EuTe film on BaF2(111) substrates, where
3D roughness rapidly increases when reaching the critical layer thickness of 45 layers [24].
This result suggests greater stability and lower binding energy for the EuTe(001) plane [34].

In Figure 2f, the atomic arrangement of the EuTe(001) surface is illustrated, with Eu
and Te atoms represented by yellow and green balls, respectively. The RHEED diffraction
stripes in Figure 2d (indicated by the red double arrow) correspond to the spacing between
adjacent Eu and Te atoms as indicated by the red double arrow in Figure 2f. Similarly,
the diffraction stripes in Figure 2e (indicated by the blue double arrow) correspond to the
spacing between adjacent Eu(110) and Te(110) planes of EuTe in Figure 2f.

Lowering the substrate temperature to 205 ◦C results in the growth of EuTe4.
Figure 2g,h display the RHEED pattern of a ~10 nm thick EuTe4 film along the Si<100>
and <110> directions, respectively. The RHEED diffraction patterns of EuTe4 exhibit a
four-fold rotational symmetry, indicating that the thin film’s surface orientation is the (001)
plane, which is consistent with the cleavage plane of bulk EuTe4 observed in previous
angle-resolved photoemission spectroscopic (ARPES) experiments [7,19]. In Figure 2i, a
top view of the EuTe4(001) surface is presented, with the green and purple balls repre-
senting the topmost and middle Te atomic layers indicated in Figure 1b, respectively. The
red and blue double-headed arrows in Figure 2g,h correspond to half of the basis vector
along the x-axis and the nearest Te atom spacing within a single Te layer, as indicated in
Figure 2i, respectively.

A substrate temperature significantly higher or lower than the optimal growth condi-
tions for EuTe and EuTe4 will result in the degeneration of the film quality. More detailed
results of the films grown at various temperatures can be seen in Supplementary Material
Part A.

We carried out ex situ XRD and STEM characterizations to further identify the crystal
structure of the grown films. Figure 3a presents the XRD curves for the Si substrate (black
curve), and the films grown at 205 ◦C (blue curve) and 220 ◦C (red curve), shown from
bottom to top. To display the diffraction peaks with varying intensities on a unified scale,
we applied a fourth-root adjustment to the XRD curve intensities. The principal diffraction
peaks in each of the three spectra are annotated with their corresponding diffraction indices.

Aside from the dominant peak at 69.40◦, which is attributed to the silicon substrate, the
XRD diffraction curves of the films grown at 205 ◦C and 220 ◦C display notable differences.
For the film grown at 220 ◦C, the peaks at 27.25◦, 55.88◦, and 89.08◦ correspond to the
EuTe(002), (004), and (006) planes, respectively. This diffraction pattern is distinct from
the XRD curve of EuTe(111) grown on the PbTe buffer layer on the BaF2(111) substrate,
where the (222) peak is predominant [13,35]. From the XRD curve, we derived a lattice
constant of c = 0.654 nm for EuTe by applying Bragg’s law. This value is very close to
the lattice constant of 0.650 nm derived from the EuTe film grown on the PbTe layer on
the BaF2(111) substrate [13], confirming that they are the same material but with different
crystal orientations.

In contrast to the diffraction pattern of EuTe, EuTe4 exhibits the strongest peak at
28.64◦, which is associated with the EuTe4 (005) plane and gives a lattice constant of
c = 1.557 nm. This value is consistent with the lattice constant of 1.567 nm obtained from
the XRD measurement of the bulk EuTe4 sample [20]. Based on the above XRD curves, we
can conclude that the films grown at ~205 ◦C and ~220 ◦C belong to different structural
phases of EuTe4 and EuTe, respectively.

61



Materials 2023, 16, 7093

Figure 3. (a) XRD patterns of a Si(100) substrate (black curve), a ~20 nm EuTe4 film (blue curve), and
a ~20 nm EuTe film (red curve). The vertical purple dashed lines serve as guides to highlight the
spectral differences between EuTe and EuTe4. (b) STEM image (side-view) for a ~10 nm EuTe film,
corresponding to the (010) plane of EuTe. (c) Intensity profile corresponding to the red solid line in
(b). (d,e) Analogous to (b,c) for a ~10 nm EuTe4 film.

Figure 3b displays the side-view STEM image of the EuTe film (grown at ~220 ◦C),
where atoms form a tetragonal lattice. A schematic atomic arrangement of EuTe is depicted
in the top-right corner of the STEM image. The intensity distribution curve, shown in
Figure 3c, derived along the red solid line in Figure 3b, reveals an in-plane lattice constant
of a = 0.66 nm for EuTe. This is in line with the value of 0.65 nm for EuTe grown on the
PbTe buffer layer on BaF2(111) [13]. According to the lattice configurations depicted in
Figure 2c,f and the derived in-plane lattice constant, we obtained a lattice mismatch of
21.55% between EuTe and the silicon substrate, which significantly surpasses the value of
2.10% between EuTe(111) and the buffer layer of PbTe on BaF2(111) [13]. The large lattice
mismatch indicates a weak interfacial interaction between the substrate and the thin film,
ensuring the high-quality growth of EuTe.

Figure 3d is a side-view STEM image of the EuTe4 film (grown at ~205 ◦C), which
displays a layered atomic structure comprised of EuTe-Te-EuTe-Te-Te. The corresponding
intensity distribution curve in Figure 3e yields an in-plane lattice constant of a = 0.45 nm
for EuTe4, consistent with the value of 0.451 nm derived from bulk EuTe4 XRD character-
ization [20]. This result gives a lattice mismatch of 17.13% between the Si substrate and
EuTe4 film.

3.2. XPS Differences in EuTe and EuTe4

The elemental stoichiometry and valence states of EuTe and EuTe4 films were inves-
tigated by in situ XPS, with all measurements performed at 300 K. Figure 4a illustrates
the full-range XPS spectra for EuTe (upper section) and EuTe4 (lower section). The two
spectra exhibit significant differences, with the signal intensity of Eu 3d3/2 and Eu 3d5/2
orbitals in EuTe being notably higher than that in EuTe4, indicating a higher concentration
of Eu in EuTe. To study the ratio of Te to Eu in EuTe and EuTe4, we present a detailed
scan of Eu 3d3/2, Eu 3d5/2, Te 3d3/2, and Te 3d5/2 orbitals in Figure 4b. The relative peak
areas of each peak after background subtraction are listed in the left half of Table 1, where
the peak area of the Te 3d5/2 orbital was normalized as unit one. It shows that the peak
area ratios of the 3d3/2 to 3d5/2 orbitals for each element in both the EuTe and EuTe4 closely
match a 2:3 distribution, which is in line with the characteristics of p-orbital electrons in
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XPS spectra, indicating our treatment of peak areas is accurate. The right half of Table 1
lists the comparative area ratios of Eu’s individual 3d orbital to those of Te 3d orbitals. We
further calculated the quotient of this ratio in EuTe relative to that in EuTe4, as shown in
Table 2. This result provides a representation of the relative Te content in EuTe4 compared
to EuTe. The resultant value ranges from approximately 3.79 to 3.93, closely approximating
4, which implies the Te content in the EuTe4 is about four times compared to that in EuTe.
The error primarily stems from the different photon–electron cross-sections of the different
Te elements in EuTe and EuTe4.

Figure 4. XPS spectra for ~10 nm EuTe (top of each panel) and EuTe4 (bottom of each panel) films,
including (a) the full range spectra, (b) the spectra for Eu 3d and Te 3d orbitals, (c) the spectra for Eu
4d orbital, and (d) the spectra near Fermi level. The horizontal gray dashed line in (d) denotes the
baseline of EuTe spectra, while the vertical gray dashed lines indicate the cutoff energy of EuTe and
EuTe4, respectively.
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Table 1. Normalized peak areas of Eu and Te 3d orbits and their comparative ratios.

EuTe EuTe4 EuTe EuTe4

Eu 3d3/2 0.934 0.238 Te 3d3/2:Eu 3d3/2 0.718 2.719

Eu 3d5/2 1.423 0.362 Te 3d5/2:Eu 3d3/2 1.071 4.211

Te 3d3/2 0.671 0.646 Te 3d3/2:Eu 3d5/2 0.471 1.782

Te 3d5/2 1 1 Te 3d5/2:Eu 3d5/2 0.703 2.760

Table 2. Ratio of Te content in EuTe4 to EuTe, based on the data in Table 1.

Te 3d3/2:Eu 3d3/2 Te 3d5/2:Eu 3d3/2 Te 3d3/2:Eu 3d5/2 Te 3d5/2:Eu 3d5/2

EuTe4:EuTe 3.787 3.933 3.783 3.928

Figure 4c displays the detailed scanning spectra along with the fitting curves of Eu 4d
orbitals in EuTe and EuTe4, respectively, where the position of each peak is listed above the
corresponding curve The leftmost peak of each Eu 4d orbital comprises five orbitals 7D1,
7D2, 7D3, 7D4, and 7D5, and the five peaks on the right represent the five orbitals 9D2, 9D3,
9D4, 9D5, and 9D6 [36]. The 4d orbital spectra in EuTe and EuTe4 show similar peak shapes
and positions within the experimental error range, further confirming that the valence state
of Eu remains unchanged (+2 state) in EuTe and EuTe4.

Meanwhile, we present the XPS spectra near the Fermi level in Figure 4d. The peak
width and position of their respective leftmost peaks (highlighted by the green arrows)
exhibit distinct differences. Specifically, this peak in EuTe4 exhibits a broader width com-
pared to that in EuTe, and its peak position shifts to a deeper binding energy. Moreover, the
spectrum of EuTe cuts off at ~0.6 eV, indicating that EuTe is a semiconductor with its valence
band maximum located ~0.6 eV below the Fermi level. This is consistent with the 2.26 eV
band gap observed in EuTe on the BaF2(111) substrate [37]. In contrast, the spectrum for
EuTe4 stretches close to the Fermi level. From an energy band theory perspective, we can in-
fer from the XPS spectrum that EuTe4 exhibits a density of states in the vicinity of the Fermi
level (from –0.2 to 0 eV). Considering that our XPS resolution is ~0.2 eV, this result suggests
that EuTe4 is either a small gap semiconductor or a metallic material. Previous ARPES
results reported that EuTe4 has a CDW gap of ~0.2 eV at the Fermi level [7,8,19]. This
value aligns well with our XPS measurements, especially considering the XPS resolution of
~0.2 eV.

3.3. Physical Property Characterizations of EuTe and EuTe4

We conducted ex situ transmittance spectroscopy on the two films, which is a widely
used technique in probing the band gap of a material [37]. Figure 5a displays a photograph
of EuTe and EuTe4 films before transmittance spectroscopy characterization. Notably, the
films exhibit distinctly different colors, where EuTe appears green and EuTe4 is golden
yellow, indicating the transmittance spectra of the two films are different.

Figure 5b,c present the transmittance spectra of EuTe and EuTe4, respectively. The
process of transmittance spectroscopy characterization involves two steps. We first mea-
sured the transmittance spectrum of the apparatus and silicon substrate, represented as
T1 = Tappa × Tsub, which serves as a reference value. The result of T1 is shown in Supple-
mentary Material Part B. Then we measured the transmittance spectrum of the apparatus,
silicon substrate, and film: T2 = Tappa × Tsub × Tfilm. Dividing the two values yields the
transmittance spectrum of the film: Tfilm. The band gap of our silicon substrate is approxi-
mately 1.1 eV, which corresponds to a wavenumber close to 10,000 cm−1. As a result, the
transmittance spectrum of silicon substrate drops sharply to zero beyond this value. This
leads to an indeterminate form in the Tfilm expression, resembling 0/0. Consequently, the
transmittance spectrum for our film diverges above ~10,000 cm−1, making the data valid
only for a wavenumber below this threshold.
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Figure 5. (a) Photograph of the epitaxial EuTe and EuTe4 films. (b,c) Transmittance curves of ~20 nm
thick EuTe and EuTe4 film, respectively. (d,e) M−T curves of ~40 nm thick EuTe and EuTe4 film,
respectively. Insets in (d,e) are the corresponding magnified curves at low temperatures.

In Figure 5b, the transmittance spectrum for EuTe is flat and remains close to 1 within
the experimentally accessible range, indicating that EuTe is a semiconductor with a band
gap exceeding 1.1 eV. This is consistent with the earlier optical transmittance measurement
on EuTe grown on the BaF2 substrate, which identified a band gap of 2.26 eV [37].

In contrast, the transmittance curve for EuTe4 in Figure 5c presents a distinct absorption
edge around 1900 cm−1 (highlighted by the purple arrow), corresponding to an energy of
approximately 0.23 eV. Previous ARPES experiments have demonstrated the presence of a
gap in EuTe4 induced by CDW at room temperature, with a size of ~0.2 eV [7,8,19]. This
matches the energy of the absorption edge observed in our transmittance spectrum. Thus,
this absorption edge is a manifestation of the CDW gap, specifically attributed to optical
electron excitations across the CDW gap of ~0.23 eV.

Figure 5d,e are the magnetic moment versus temperature (M−T) curves of EuTe and
EuTe4. The shapes of the two curves are very similar, both exhibiting sharp peaks at low
temperatures, which is a typical feature of antiferromagnetic material. Here, we magnified
and plotted the details of these curves at low temperatures in the inset. Consequently, we
can derive the Néel temperatures of EuTe and EuTe4 to be 10.5 and 7.1 K, respectively,
which are consistent with the 9.8 and 7.1 K reported in previous magnetic susceptibility
measurements [18,20].

4. Conclusions

In conclusion, we have successfully synthesized high-quality EuTe and EuTe4 thin
films on Si(100) substrates. Our study improves the growth procedure of epitaxial EuTe
films and fills the research gap in the synthesis of two-dimensional EuTe4 films. We con-
ducted a comprehensive study on the structural and energy spectra characterization of
the two materials, confirming their antiferromagnetic nature. We also verified the semi-
conductive property of EuTe and found the CDW signature of EuTe4 at room temperature.
By tailoring the substrate temperature, we have achieved selective growth of these two
materials, opening new possibilities for their physical property control. Our research on
rare earth tellurides has enriched the library of 2D materials. The high-quality growth of
the film paves the way for subsequent related research such as 2D magnetism and charge
density waves, and also facilitates the exploration of potential applications in electronics.
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Abstract: We introduce the development of gallium nitride (GaN) layers by employing graphene and
hexagonal boron nitride (h-BN) as intermediary substrates. This study demonstrated the successful
growth of GaN with a uniformly smooth surface morphology on h-BN. In order to evaluate the
crystallinity of GaN grown on h-BN, a comparison was conducted with GaN grown on a sapphire
substrate. Photoluminescence spectroscopy and X-ray diffraction confirmed that the crystallinity
of GaN deposited on h-BN was inferior to that of GaN grown on conventional GaN. To validate
the practical applicability of the GaN layer grown on h-BN, we subsequently grew an NUV-LED
structure and fabricated a device that operated well in optoelectrical performance experiments.
Our findings validate the potential usefulness of h-BN to be a substrate in the direct growth of a
GaN layer.

Keywords: hexagonal boron nitride; GaN; graphene; near-ultraviolet light-emitting diode

1. Introduction

The epitaxial development of GaN-based light-emitting diodes (LEDs) has brought
about a significant transformation in the solid-state lighting sector [1–4]. GaN-based
near-ultraviolet LEDs (NUV-LEDs) emitting light in the 370–400 nm range are employed
as effective excitation sources for inorganic and organic luminescent materials used in
white light production [5,6] and have been extensively used in various applications over
the past few decades due to significant advancements in device efficiency, durability,
and stability within the field of technology [7,8]. While the latter two qualities are, to a
large extent, inherent to the material’s properties, the device efficiency, i.e., the sum of
internal and external quantum efficiencies, is principally decided by the structural and
optical quality of the active layers and the device configuration. To optimize the internal
quantum efficiency to its maximum extent, the most ideal approach is to grow the active
layers on a native GaN substrate. GaN-based NUV-LEDs that are constructed via hetero-
epitaxial growth on c-plane sapphire, SiC, or Si, as native GaN substrates, are prohibitively
expensive. Among several substrates, the c-plane sapphire has many merits, including
high-temperature resistance, preservation of the hexagonal crystal structure, and cost-
effectiveness. However, the direct growth of an NUV-LED on a sapphire substrate leads
to a low-quality layer and the eventual deterioration of device performance because of
significant differences in the fundamental properties of the GaN layer and the sapphire
substrate, such as lattice constants and thermal expansion coefficients, resulting in highly
dense threading dislocations (TDs) [9,10]. It is noteworthy that this mismatch problem is a
primary hurdle that needs to be addressed to achieve highly efficient NUV-LEDs.

Recently, the epitaxial growth of sp3-bonded group-III-nitrides on sp2-bonded
two-dimensional (2D) materials, such as hexagonal boron nitride (h-BN) or graphene, has
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garnered significant attention due to its remarkable physical characteristics, which include
high thermal conductivities, chemical and thermal stability, and mechanical flexibility [11–21].
In this case, the 2D material serves a dual purpose, functioning both as a buffer layer featuring
a hexagonal in-plane lattice arrangement and as a release layer for mechanically exfoliating
the layer. This approach has the potential to enable the production of large-scale flexible
III-nitride devices. Achieving the direct epitaxial growth of a GaN layer on 2D materials
poses challenges, primarily stemming from the low surface energies of 2D materials due
to the absence of dangling bonds along the c-plane [11–19]. To resolve this issue, several
pioneering studies have demonstrated that the epitaxial growth of a GaN layer on graphene
or h-BN can be realized by integrating additional processing that forms dangling bonds or by
adding layers, such as zinc oxide nano-walls [11,12], AlN [13,15,18], carbon nanotubes [17],
and nanorods [20]. In addition, Wu et al. introduced the growth of an AlGaN-based deep-
ultraviolet LED structure on oxygen-plasma-treated h-BN/Al2O3 [22]. Liu et al. also reported
the interfacial bonding behavior and nucleation phenomena of a GaN layer grown on an
activated h-BN/sapphire substrate [19]. Although the growth of a GaN layer on graphene
or h-BN has been reported, differences in the nucleation behavior of a GaN layer grown on
graphene and those grown on h-BN have seldom been reported.

In this study, we utilized graphene and h-BN as intermediary substrates to analyze
disparities in the nucleation characteristics of GaN layers grown on them. It was success-
fully deposited on h-BN/sapphire substrates with the aid of a traditional low-temperature
GaN buffer layer. Note that although a flat GaN layer has been successfully grown on
both graphene and h-BN by pioneering works [11,15,19], growing GaN on graphene is not
as easily accessible as that on h-BN. We also grew GaN-based NUV-LEDs based on these
planar GaN layers on the h-BN/sapphire substrate and compared their performance with
that of conventional sapphire-grown NUV-LEDs.

2. Materials and Methods

2.1. Synthesis of h-BN

A large-scale h-BN layer investigated in this work was synthesized on 35 μm thick
Cu foils (sourced from Nippon Mining) using low-pressure chemical vapor deposition
(LPCVD). The copper foil’s surface was made flat via an electrochemical polishing (ECP)
process, conducted in a solution containing phosphoric acid and water for 10 min at 1.8 V.
In this process, a Cu plate was employed as the cathode, whereas a 100 × 100 mm copper
foil served as the working electrode. Borazine (B3N3H6), as a precursor to h-BN, was stored
in a bubbler-equipped canister in a chiller at −10 ◦C. Following this, the copper foil that
had been treated with ECP was placed in the middle position of a quartz tube and heated
using a split-tube furnace. Meanwhile, the quartz tube was pumped down to 0.018 torr,
and H2 gas was flown through the reactor at 15 sccm during the temperature ramp-up
up to 1040 ◦C. The annealing step was carried out at 1040 ◦C for 60 min under flowing
H2 gas (15 sccm) at a specified low pressure. The h-BN was synthesized by introducing
a mixture of borazine (0.3 sccm) and H2 (70 sccm) at 1040 ◦C for 90 s at a pressure of
5 × 10−3 torr. These conditions are ideal for achieving high-quality uniform h-BN. The
sample was subsequently rapidly cooled to room temperature in a hydrogen environment,
after which the h-BN was transferred onto various substrates, including sapphire, glass,
and SiO2/Si, using a technique similar to that used to transfer graphene, in order to apply
various substrates and investigate the structural properties of h-BN. Additional information
is provided in our previous report [23].

2.2. Synthesis of Graphene

The graphene that was applied in our study was produced on the ECP-treated
copper foil by the use of LPCVD. The copper foil was introduced into a quartz tube
with a diameter of 4 inches and placed under an ongoing temperature increase of up to
1030 ◦C for a duration of 60 min. This process was carried out in the environment of H2 gas
flowing at a rate of 15 sccm using a split-tube furnace. At the same time, the chemical
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vapor deposition (CVD) chamber conducted a vacuum process, lowering the pressure to
0.072 torr. Following that, copper foils underwent an annealing process for 60 min. To
obtain high-quality graphene, we employed the two-step growth method. In the initial
stages, the attainment of large-size graphene domains was successfully achieved on a
copper foil via the reduction in nucleation sites in an ambient atmosphere consisting of
a mixture of CH4 (5 sccm) and H2 (100 sccm) gases. This process was carried out for a
duration of 60 s at a temperature of 1030 ◦C. In the next step, the continuous graphene
surface was accomplished by enlarging the flow rate of CH4 (13 sccm) and increasing the
growth time to 8 min. This was carried out while keeping the H2 flow rate and tempera-
ture identical. The chamber was finally cooled to room temperature by injecting Ar gas
(500 sccm). Further details are presented in a previous report [24].

2.3. 2D Materials (h-BN or Graphene) Transfer

In order to protect and transfer the 2D materials onto the desired substrate, polymethyl-
methacrylate (PMMA) was placed onto the surface of 2D materials using a spin-coating
process. The spin-coating was carried out at a speed of 4000 rpm for 50 s. Prior to the
2D materials transfer, the unintentional formation of 2D materials on the opposite side
of the copper foil was eliminated via the utilization of O2 plasma etching. Subsequently,
the copper foil with PMMA-covered 2D materials was immersed in a solution containing
0.1 M ammonium persulfate [(NH4)2S2O8] for 4 h, allowing the process of etching the
copper foil. Then, PMMA/2D materials were transferred onto various substrates, such
as the 300 nm SiO2/Si substrate, the c-plane sapphire, glass, and Cu mesh TEM grid, to
investigate the properties of 2D materials and to grow GaN. The PMMA was removed
using acetone, and the sample was annealed for 2 h at 500 ◦C in an Ar/H2 gas mixture to
eliminate any remaining PMMA residues.

2.4. Growth of un-Doped GaN on an h-BN/Sapphire Substrate

A GaN epilayer was formed using metal–organic chemical vapor deposition (MOCVD)
on an h-BN/sapphire substrate under identical growth conditions to those used to directly
grow the GaN layer on a sapphire substrate. A 25 nm thick GaN buffer layer was applied
to a sapphire substrate at 560 ◦C for 100 s under a growth pressure of 400 mbar as part of
the conventional GaN growth process. Following this, a 3.7 μm thick undoped GaN layer
was grown for 2 h at 1130 ◦C and 100 mbar.

2.5. Growth and Fabrication of the NUV-LED Structure

The LED configuration included an undoped GaN layer, a Si-doped n-type GaN layer,
five sets of InGaN/AlGaN multi-quantum wells (MQWs), a Mg-doped p-AlGaN electron-
blocking layer (EBL), and a Mg-doped p-type GaN layer. A 2 μm thick Si-doped n-type
GaN layer was deposited on the undoped GaN layer on the h-BN/sapphire substrate
at 1100 ◦C and 400 mbar for 60 min. Following this, five sets of In0.04Ga0.96N quantum
wells and Al0.08Ga0.92N barrier layers, each with thicknesses of 3 and 12 nanometers, were
grown at 720 ◦C and 810 ◦C, respectively, to serve as the active layers. Then, a 25 nm
thick Mg-doped p-Al0.25Ga0.75N electron-blocking layer (EBL) and a 100 nm thick p-type
GaN contact layer were deposited at 1040 ◦C. To activate the Mg dopants, rapid thermal
annealing was performed in a nitrogen (N2) atmosphere at 940 ◦C for 40 s. The p-type GaN
layer was calculated to have a hole concentration of approximately 1016 cm−3. Figure 1 il-
lustrates a schematic representation of an InGaN/AlGaN NUV-LED wafer developed on an
h-BN/sapphire substrate. Further details are provided in the report of Seo et al. [25]. After
LED wafer growth, individual LEDs, each with a chip dimension of 350 × 350 μm, were
manufactured by utilizing an inductively coupled plasma etcher (ICP) with Cl2/BCl3/Ar
gases to delineate the mesa region until the n-type GaN layer was revealed for contact with
the n-electrode. Using an electron beam evaporator, a 200 nm thick layer of indium tin
oxide (ITO) was then applied as a transparent current-spreading electrode on the p-type
GaN layer. Finally, 50 nm thick Cr and 250 nm thick Au layers were deposited onto both
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the n-type GaN and ITO layers to serve as the n- and p-electrodes, employing an electron
beam evaporator.

Figure 1. Schematic diagram of InGaN/AlGaN NUV-LED wafer grown on h-BN/sapphire substrate.

2.6. Formation of Patterned 2D Materials

The CVD-grown 2D materials were transferred onto a c-plane sapphire substrate to
fabricate patterned 2D materials. Subsequently, the designated area of 3 × 3 μm was coated
with a photoresist (PR), acting as a protective mask against the etchant. The 2D materials
were then patterned by exposing them to an ICP using O2 plasma. Finally, the PR was
removed using acetone.

2.7. Characterization

Field-emission scanning electron microscopy (SEM) was employed to examine the
surface structures of h-BN on copper foil, the initial phase of the GaN buffer layer on the h-
BN/sapphire substrate, and the subsequent undoped GaN layer grown on these substrates.
X-ray photoelectron spectroscopy (XPS) was conducted with the use of monochromatic alu-
minum K-alpha X-rays, utilizing equipment from Thermo Fisher Scientific. High-resolution
transmission electron microscopy (HRTEM) was performed using an FEI TITAN G2 instru-
ment equipped with an image Cs corrector and a monochromator provided by Thermo
Fisher Scientific in Waltham, MA, USA. The equipment was operated at an optimized
accelerator voltage of 60 kV to avoid damaging the h-BN. The crystallinities of the GaN
layers, both with and without h-BN, were assessed via X-ray diffraction (XRD). For a
comparative evaluation, samples were scanned at 2◦/min in the 20–80◦ range. Photolumi-
nescence (PL) spectroscopy, excited with the 325 nm line of a He–Cd laser, was employed
to investigate the crystalline quality and residual strains in GaN layers cultivated on both
sapphire and h-BN/sapphire substrates. Current–voltage (I-V) plots were constructed
using a probe-station system, and electroluminescence (EL) experiments were performed.

3. Results and Discussion

In Figure 2a, one can observe an SEM image of h-BN production on copper foil via
the ECP process. The h-BN completely covered the copper foil within 90 s of growth and
exhibited a seamless two-dimensional nanosheet structure. However, wrinkles are com-
monly observed as they alleviate thermal stress; they may have originated through defect
nucleation on the step margins of copper terraces during quenching, and their presence
provides indirect evidence for the successful growth of continuous h-BN [26]. The h-BN
thickness was determined using HRTEM, the results of which are depicted in Figure 2b,
which verified that the h-BN synthesized in this study is predominantly monolayer. We
acquired B and N core-level XPS spectra of the h-BN monolayer on the copper foil to
confirm the growth of the h-BM monolayer and to quantify atomic concentrations. Atomic
concentrations were determined from the intensity of the core-level photoemission for each
element normalized by the atomic sensitivity factor at the photon emission energy. The
B-to-N atomic ratio was calculated to be 1.02:0.98, which is close to 1:1. All XPS spectra

71



Materials 2023, 16, 7216

were Lorentzian-fitted with multiple peaks. Figure 2c,d show B 1s and N 1s peaks at 189.2
and 396.8 eV, respectively, consistent with the binding energies reported for h-BN [27,28].
In addition, Raman spectroscopy was employed, which has become a crucial technique
for characterizing and exploring two-dimensional materials to conduct a more in-depth
analysis of the crystal structure of the h-BN monolayer. In Figure 2e, the Raman spectrum
of the h-BN transferred onto the SiO2/Si substrate exhibits a peak at 1369.3 cm−1, which
is indicative of the E2g lattice-vibration mode of h-BN in-plane oscillations. The peak at
1370 cm−1 corresponds to h-BN, whereas those associated with the cubic structure are
observed at 1300 cm−1 (for the longitudinal optical vibrational mode) and 1065 cm−1 (for
the transverse optical vibrational mode). Our sample did not exhibit the vibrational mode
of cubic BN. Taking into account the number of h-BN layers, the E2g mode of bulk h-BN is
observed at approximately 1366 cm−1, whereas the E2g mode of the h-BN single layer is
located between 1368 and 1370 cm−1, and that of two-to-five-layer thick h-BN is observed
between 1364 and 1367 cm−1 [29,30]. The identification of a peak at 1369.3 cm−1 in the
h-BN indicates that it possesses a monolayer structure, which is in accordance with the
HRTEM image of the sample presented in Figure 2b. The crystal size can be inferred from
the full width at half maximum (FWHM) of the E2g mode due to its correlation with the
phonon vibration duration. The prepared h-BN has an FWHM value of approximately
26 cm−1, which is comparable to the value of previously reported h-BN [31,32].

Figure 2. (a) SEM image of h-BN grown on copper foil; (b) HRTEM image of monolayer h-BN;
(c,d) 1s core-level XPS spectra; and (e) Raman spectrum of the h-BN transferred onto the
SiO2/Si substrate.

The early stages of growth are crucial for achieving epitaxial layers and ensuring the
superior quality of the resulting layer. To examine and compare GaN nucleation on h-BN,
we acquired SEM images of the GaN buffer layer on a graphene/sapphire substrate and
an h-BN/sapphire substrate, each with a 3 × 3 μm pattern size. This experiment enabled
the initial GaN growth on sapphire, graphene, and h-BN to be compared. Figure 3a shows
that dense and almost homogeneous nucleation occurred as the GaN buffer layer grew
on sapphire. However, the GaN buffer layer grown on graphene exhibited irregular and
low-density nucleation, which is attributable to the inherent non-reactivity of graphene
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and stems from its hexagonal arrangement of sp2-bonded carbon atoms that lack dangling
bonds [11]. The nucleated GaN exhibited an irregular three-dimensional growth pattern,
leading to unevenly dispersed nucleation and resulting in a partially covered GaN surface
after a growth period of 3 h (Figure 3c). In the case of h-BN (Figure 3b), the GaN buffer layer
displays a consistent and organized GaN nucleation morphology, in contrast to the GaN
buffer layer on graphene. However, GaN was less densely nucleated on h-BN than the GaN
buffer layer grown on sapphire. The B-N bond types provide a reasonable explanation for
the differences observed between graphene and h-BN. While the C-C- bonds in graphene
are purely covalent and have evenly distributed electrons, the B-N bonds in the h-BN
sheets display an alternating ionic/covalent nature due to the significant difference in the
electronegativities of B and N [33,34]. We believe that electrically active N atoms attract the
gallium atoms, which assists nucleation. First, growth begins only from GaN nucleation
seeds that originate from N atoms or imperfections, such as point defects, wrinkles, and
folds. These islands increase in size and spread progressively across the h-BN as growth
progresses. The GaN crystallites eventually coalesce laterally to cover the entire surface.
The GaN buffer layers do not cover the entire surface during the early growth following
GaN deposition at low growth temperatures. This activity led to a noticeable transformation
of the GaN surface, from a three-dimensional to a two-dimensional structure, on the h-BN
during subsequent high-temperature growth, as shown by the SEM image in Figure 2d.
The ultimate thickness of the GaN layer was ascertained to be 3.7 μm.

Figure 3. SEM images acquired during the initial step involved in the formation of the GaN buffer
layer on (a) patterned graphene and (b) patterned h-BN. SEM images of undoped GaN formed on
(c) graphene and (d) h-BN. The inset in panel (d) displays a cross-sectional SEM image.

We synthesized GaN on h-BN with a crack-free, mirror-like, and flat morphology.
However, directly comparing a GaN layer on h-BN and its counterpart on graphene may
not provide an entirely accurate result, considering that the GaN layer on graphene does
not exhibit a typical two-dimensional morphology. We examined two samples to assess the
crystallinity of the GaN layer on h-BN: GaN grown on h-BN and conventional GaN grown
on a sapphire substrate. XRD omega-scanning is typically used to evaluate the crystallinity
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of a GaN layer. Figure 4 shows the XRD rocking curves for both the symmetric (002)
and asymmetric (102) planes of GaN on sapphire and h-BN, which are commonly used
to identify dislocation types. Specific lattice distortions are well known to influence the
omega-scan FWHM values of crystal planes, such that the (002) plane is susceptible to screw
or mixed dislocations, whereas the (102) plane is responsive to all types of dislocations,
including pure-edge, screw, and mixed [17,35,36]. When compared to a conventional
GaN layer grown on sapphire, the GaN grown on h-BN exhibits a slightly larger FWHM
value for its (002) plane (308 vs. 268 arcsec), whereas the FWHM of the (102) plane is
significantly larger (824 vs. 573 arcsec). Despite the slightly higher FWHM value for the
(002) plane, the considerably higher value for the (102) plane implies the existence of more
pure-edge dislocations in the GaN in h-BN than those on sapphire. The results presented
herein suggest that the crystallinity of the GaN grown on h-BN is inferior to that grown
on sapphire.

Figure 4. XRD omega rocking curves for the (a,b) symmetrical (002) and (c,d) asymmetrical (102)
reflections of a GaN epilayer grown on sapphire and h-BN.

The impact of h-BN on the optical characteristics of the GaN layer was examined using
PL spectroscopy, a rapid and nondestructive method, the results of which are depicted in
Figure 5. The PL spectrum is notably influenced by the strain state and epilayer defects.
Figure 5 depicts the room-temperature photoluminescence (PL) spectra of GaN grown
separately on h-BN and on a sapphire substrate. Similar strong near-band-edge (NBE)
emission peaks were observed at approximately 362 nm for both samples; however, GaN
grown on h-BN exhibited an NBE emission peak intensity that was approximately 8% less
intense than that grown on sapphire. The intensity of the NBE emission peak is generally
acknowledged to be closely related to the defect density [37]. Although we successfully
grew a smooth and crack-free GaN layer on h-BN, the GaN layer formed on h-BN appeared
to contain additional defects, which is in good accord with the XRD results shown in
Figure 4.
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Figure 5. Room-temperature PL spectra of GaN epilayer formed on sapphire and h-BN.

We used a two-dimensional GaN layer on h-BN to fabricate NUV-LEDs, and LED
devices with and without h-BN were fabricated to understand the real potential of the GaN
layer grown on h-BN. We examined the effect of h-BN on the optoelectrical performance
of the constructed NUV-LEDs. Figure 6a compares the I-V characteristics of an NUV-LED
fabricated on h-BN with that fabricated on a sapphire substrate. The NUV-LEDs exhibited
forward voltages of 3.25 V (on sapphire) and 3.37 V (on h-BN) at a driving current of
20 mA. The forward voltage of the NUV-LED on h-BN is slightly elevated compared to
that on sapphire, which is rationalized by the higher number of defects and the greater
internal strain in the GaN layer grown on h-BN. In general, TDs in LEDs serve as pathways
for current leakage, thereby possibly increasing the forward voltage [38,39]; consequently,
they serve as non-radiative recombination centers. The EL spectra of the NUV-LEDs
fabricated on h-BN and sapphire substrates are shown in Figure 6b,c, respectively, which
were obtained by varying the injection current in the 10–100 mA range. Both samples
demonstrated adequate stability when tested at injection currents of up to 100 mA. The
EL emission wavelength was observed to slightly redshift with increasing applied current
(from 375 nm at 10 mA to 378 nm at 100 mA). The blue InGaN/GaN LED exhibited a
lower emission peak energy than the theoretical value due to the quantum confinement
Stark effect (QCSE). This shift originates from strong spontaneous polarization and internal
piezoelectric fields associated with the high indium mole fraction. The peak position
of the blue LED underwent a progressive shift toward higher energies with increasing
excitation power, which is attributable to a higher photogenerated-carrier density leading
to a lower QCSE and resulting in a blueshift in the emission peak as a consequence. The
redshift behavior of the NUV-LEDs is a result of the relatively weak QCSE induced by a
lower indium mole fraction [40]. The EL emission intensity of the NUV-LED on h-BN is
30% lower than that of the NUV-LED on the sapphire substrate at an injection current of
20 mA. The insets in Figure 6b,c present the electroluminescence (EL) emission images
of the constructed devices at an injection current of 20 mA. The NUV-LED on the h-BN
substrate is less bright than that on the sapphire substrate. Commercially advancing h-BN
as a GaN growth substrate requires achieving a level of quality that exceeds that of the
GaN layer grown on sapphire. We believe that a high-quality GaN layer on h-BN can be
achieved via material optimization using active learning and lateral epitaxial overgrowth
methods. Nevertheless, the findings of this study validate the potential utility of h-BN as
a substrate.
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Figure 6. (a) I-V curves and (b,c) EL intensities with an injection current of fabricated NUV-LEDs on
h-BN and sapphire. The insets display EL images at an applied current of 20 mA.

4. Conclusions

We employed graphene and h-BN as intermediate substrates to conduct a comparative
analysis of the nucleation characteristics of GaN grown on these substrates. Although
attempts to grow GaN on graphene failed to achieve a two-dimensional morphology,
we successfully grew GaN on h-BN. The crystallinity of the GaN grown on h-BN was
established via XRD and PL spectroscopy, with the results compared to those obtained
using conventional GaN grown on sapphire. These findings reveal that the GaN produced
on h-BN was less crystalline than that grown on sapphire despite the successful growth
of crack-free GaN on h-BN. Planar GaN grown on h-BN forms a building block for the
subsequent growth of a GaN-based NUV-LED; consequently, we fabricated LED devices.
The optoelectrical performance of the manufactured NUV-LEDs was investigated to assess
the effect of h-BN, with the LED grown on h-BN demonstrating excellent operational
properties. This study demonstrated the potential applicability of h-BN as a substrate
for GaN growth. We believe that the use of various growth strategies may enable h-BN
substrates to surpass conventional sapphire substrates in terms of GaN growth quality.
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Abstract: The film thickness, temperature, substrate and doping dependence of the phonon energy
ω and damping γ, as well as the electrical conductivity, of pure and Sr-doped LaMnO3 thin films
near the phase transition temperature TN are investigated using a microscopic model and the Green’s
function technique. Due to the strong spin–phonon interaction, there appears a kink at TN in the
temperature dependence of ω(T) and γ(T). The softening and hardening of the ω = 495 cm−1 (A1g)
and ω = 614 cm−1 (B2g) modes is explained by the different sign of the anharmonic spin–phonon
interaction constant R. The damping increases with T for both cases because it is proportional to R2.
ω decreases whereas γ increases with an increasing Sr concentration. This is due to the strain caused
by the difference between the ionic radii of the La and Sr ions. The film thickness dependence is also
considered. ω and γ increase strongly with the decreasing film thickness. The electrical conductivity
is enhanced after the doping of the LMO thin films with Sr, which could be used for energy storage
applications. The observed results are in good qualitative agreement with the experimental data.

Keywords: Sr-doped LaMnO3 thin films; phonon energy and damping; electrical conductivity;
microscopic model; Green’s function theory

1. Introduction

Ion-doped manganites with the general formula R1−xAxMnO3 (R is a rare-earth ele-
ment; A = Ca, Sr, Ba or Pb) and a perovskite structure possess interesting physical properties.
Recently, Koriba et al. [1] have used density functional theory (DFT) in order to study
the structural, electronic, magnetic and mechanical properties of LaMnO3 (LMO) in its
orthorhombic, cubic and rhombohedral phases. The properties of LMO have been studied
intensively in the last few years since it was found that the partial substitution of La by Ca,
Sr or Ba results in structural changes and the occurrence of colossal magnetoresistance near
the temperatures of the spin ordering of Mn ions [2]. Hess et al. [3] have studied 20% (Ca,
Sr, Ba)-doped LMO using a DFT-based defect chemistry model. Sr substitution at the A-site
of LMO nanoparticles could be used for energy applications because it shows a higher
current value and higher conductivity, as described by Gupta et al. [4].

LMO undergoes a phase transition from the low-temperature A-type antiferromagnetic
phase to the paramagnetic phase at ∼140 K and to the orbital disordered phase above 780 K.
Let us emphasize that LMO thin films show ferromagnetic properties [5]. It must also be
mentioned that antiferromagnetic nanostructures exhibit large magnetization and coercive
fields below the phase transition temperature TN compared to their bulk materials, which
is due to the uncompensated surface spins [6]. By doping with Sr, bulk LMO becomes also
ferromagnetic [7].

Although it is expected that structural changes and magnetic ordering will also influ-
ence the phonon spectra in Sr-doped LMO, these have not been sufficiently theoretically
investigated. The changes in the lattice parameters with temperature manifest in a shift in
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the line position and intensity, as well as in the line width of the Raman peaks. Moreover,
Raman spectroscopy is a useful method to study phase transitions. At 80 K, the lines of
the Ag symmetry are observed at 148, 210, 267, 295, 452 and 495 cm−1 and those of the B1g

symmetry at 197, 313, 436 and 606 cm−1 [8]. The Raman spectra of Sr-doped bulk LMO
manganites are studied in [9–11], whereas those of pure and Sr-doped LMO thin films
and nanoparticles are investigated in [12–18]. Recently, Helton et al. [19] have studied
the damping and softening of transverse acoustic phonons in La0.7Sr0.3MnO3. The doping
dependence of the phonon frequencies ω in Sr-doped LMO has been investigated experi-
mentally by many authors [10,11,20,21]. It is observed that ω decreases when increasing
the Sr concentration.

It must be mentioned that most theoretical works consider the magnetic properties of
LMO. Wdowik et al. [22] calculated the vibrational dynamics of the undoped LMO from
first principles by DFT. Talati et al. [23] and Rini et al. [24] investigated the phonon disper-
sion curves of LMO by using a lattice dynamical simulation method and an interatomic
shell model potential, respectively.

The aim of the present paper is to use a microscopic model and the Green’s function
theory to study the phonon energy and damping, as well as the electrical conductivity, of
Sr-doped LMO thin films in dependence on the film thickness, temperature, substrate and
doping concentration. To our knowledge, such studies have not yet been performed using
this method or density functional theory.

2. The Model

LMO, in which Mn3+ is the only present high-spin magnetic ion with S = 2, is an
antiferromagnetic compound (A-type) whose Neel temperature is TN = 140 K. It shows also
orbital ordering (C-type) below 780 K, which will be not considered here. The Jahn–Teller
electronic ordering couples the Mn3+ spins within the basal planes with ferromagnetic
coupling (superexchange interaction). These planes are coupled one to another with
antiferromagnetic coupling. The magnetic properties of ion-doped LMO with doping
concentration x are described by the Heisenberg Hamiltonian:

Hsp = −1
2 ∑

i,j
(1 − x)JijSi · Sj − 1

2 ∑
i,j

xJdijSi · Sj − Dz ∑
i
(Sz

i )
2, (1)

where Si and its z component Sz
i are spin operators for the localized Mn3+ spins at site i. Jij

stands for the spin exchange interaction between the nearest neighboring Mn ions in the
planes (J1 > 0) and for the exchange coupling between the next nearest neighboring Mn
ions between these planes (J2 < 0). Jdij is the exchange interaction constant for the doped
case, which, due to the different ionic radii between the Sr and La ions, can be changed
compared to the undoped case Jij. Dz > 0 is the single-site anisotropy parameter of the
easy-axis type.

A strong spin–phonon interaction in LMO is reported [9,11], which must be taken into
account in order to obtain the correct results:

Hsp−ph = −1
2 ∑

i,j,k
F(i, j, k)QiSz

j Sz
k −

1
4 ∑

i,j,r,s
R(i, j, r, s)QiQjSz

r Sz
s + h.c. (2)

The normal coordinate Qi can be expressed in terms of phonon creation a+ and annihilation
a operators Qi = (2ω0i)

−1/2(ai + a+i ). ω0i is the frequency of the lattice mode. F and
R are the spin–phonon coupling constants in the first and second order, respectively.
The spin–phonon interaction renormalizes the spin exchange interaction constant J to
Je f f = J + 2F2/(ωo − MR). M is the magnetization.

Hph contains the lattice vibrations, including anharmonic phonon–phonon interactions:
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Hph =
1
2! ∑

i
ω0ia+i ai +

1
3! ∑

i,j,r
B(i, j, r)QiQjQr

+
1
4! ∑

i,j,r,s
A(i, j, r, s)QiQjQrQs. (3)

A and B are three-phonon and four-phonon anharmonic interaction constants, respectively.
For the approximate calculation of the Green’s functions, we use the method proposed

by Tserkovnikov [25]. It goes beyond random phase approximation, taking into account all
correlation functions. Moreover, this method allows us to calculate the imaginary part of
the Green’s function. We wish now to sketch it briefly. After the formal integration of the
equation of motion for the retarding two-time Green’s function

Gij(t) = 〈〈ai(t); a+j 〉〉 (4)

one obtains
Gij(t) = −iθ(t)〈[ai; a+j ]〉 exp(−iωij(t)t), (5)

with θ(x) = 1 for x > 0, θ(x) = 0 for x < 0,

ωij(t) = ωij − i
t

∫ t

0
dt′t′

( 〈[ji(t); j+j (t
′)]〉

〈[ai(t); a+j (t
′)]〉

−
〈[ji(t); a+j (t

′)]〉〈[ai(t); j+j (t
′)]〉

〈[ai(t); a+j (t
′)]〉2

)
(6)

and ji(t) = 〈[ai, Hinteraction]〉. The time-independent term

ωij =
〈[[ai, H]; a+j ]〉
〈[ai; a+j ]〉

(7)

is the excitation energy in the generalized Hartree–Fock approximation. The time-dependent
term in Equation (7) includes damping effects.

We obtain from the full Hamiltonian the following expression for the phonon energy,
which is renormalized through the spin–phonon interactions:

ω2
ij = ω2

0 − 2ω0

(
Mi MjRijδij − 1

2N ∑
r

Aph
ijr (2N̄r + 1)− Bph

ij 〈Qij〉δij

)
, (8)

with

〈Qij〉 =
Mi MjFijδij − 1

N′ ∑r Bph
ijr (2N̄r + 1)

ω0 − Mi MjRijδij +
1

N′ ∑r Aph
ijr (2N̄r + 1)

. (9)

The correlation function of the phonons N̄i = 〈a+i a−i 〉 is obtained via the spectral theorem.
Mi is the magnetization, which is calculated from the Green’s function 〈〈S+

i ; S−
j 〉〉. We

obtain, for an arbitrary spin S value,

M = 〈Sz〉 = 1
N ∑

i

[
(S + 0.5) coth[(S + 0.5)βEi]− 0.5 coth(0.5βEi)

]
. (10)

Ei are the spin wave energies, β = 1/kBT.
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The phonon damping is also calculated taking into account the anharmonic spin–
phonon and phonon–phonon interactions:

γ = γsp−ph + γph−ph. (11)

γsp−ph is the damping due to the spin–phonon interaction:

γsp−ph(rs) =
2π

N2 ∑
ij

F2
ijr〈Sz

i 〉〈Sz
j 〉(n̄i − n̄j)δrsδ(Ei − Ej − ωr)

+
2π

N3 ∑
ijl

R2
ijlr

(
〈Sz

i 〉2〈Sz
j 〉2δrs + [(n̄i − n̄j)(1 + N̄l) + n̄i(1 + n̄j)]

)
∗ δ(Ei − Ej − ωl + ωr). (12)

γph−ph is the damping part that arises from the phonon–phonon interaction:

γph−ph(rs) =
3π

N2 ∑
ij

B2
ijr(N̄i − N̄j)δrs[δ(−ωi − ωj + ωr)− δ(ωi − ωj + ωr)]

+
4π

N3 ∑
ijl

A2
ijlrδrs[N̄i(1 + N̄j + N̄l)− N̄j N̄l ]

∗ δ(ωi − ωj + ωl − ωr). (13)

Ei and ωi are the magnetic and phonon energies. The correlation functions n̄i = 〈S−
i S+

i 〉
and N̄i = 〈a+i a−i 〉 are obtained via the spectral theorem. It must be mentioned that in the
damping γ at low temperatures, the terms due to the anharmonic spin–phonon interac-
tion play an important role, whereas, at higher temperatures, above the phase transition
temperature, only the anharmonic phonon–phonon terms remain.

In order to calculate the electrical conductivity σ, we need the Hubbard model:

H = ∑
ijσ

tijc+iσcjσ + U ∑
i

ni↑ni↓, (14)

where tij is the hopping integral, U is the Coulomb repulsion, niσ = c+iσciσ and c+iσ and ciσ
are Fermi operators.

The electrical conductivity σ can be observed from the following equation:

σμν(ω)− ie
V

limδ→0+ ∑
ijσ

tij(Rμ
i − Rμ

j ) � c+iσcjσ; Pν �ω+iδ, (15)

with Pν = −e ∑ iσRν
i niσ; e is the electron charge and V is the volume.

We consider the Green’s function Gijσ(ω) =� c+iσcjσ; Pν �, which can be written with
the components

Gijσ(ω) = ∑
αβ

Gαβ
ijσ(ω) = ∑

αβ

� c+iσcjσnα
i−σnβ

j−σ; Pν � . (16)

For Gαβ
ijσ(ω), we obtain

Gαβ
ijσ(ω) =

e(Rν
j − Rν

i ) < c+iσcjσnα
i−σnβ

j−σ>

ω + U(δα+ − δβ+)
. (17)

After the calculation of the correlation function using the spectral theorem, from
Equations (12) and (13), we can observe the electrical conductivity σ.
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3. Numerical Results and Discussion

The numerical calculations are performed in the JAVA programming environment
using simple iterative procedures and summation over nearest neighbors. They are per-
formed using the following model parameters: J1 = 9.6 K, J2 = −6.7 K, Dz = 1.92 K [26], S = 2,
F = 23 cm−1, R = −18 cm−1, B = −2.54 cm−1, A = 6.61 cm−1, t = 1 eV, U = 2 eV. The phonon–
phonon interaction constants A and B are determined from the Raman spectra for temper-
atures above the Curie temperature TC (where the terms with R and F vanish), whereas
the spin–phonon interaction constants F and R—arise at very low temperatures—taking
two values at two different temperatures from the Raman phonon energy and solving the
system of two equations with two unknown parameters.

The exchange interaction constant J depends on the distance between the spins, i.e., on
the lattice parameter, on the different strains, on the lattice symmetry and on the number of
next neighbors. It is inversely proportional to the distance between two neighboring spins.
The ionic radius of the doping ion Sr2+ is r(Sr2+) = 1.44 Ȧ, which is different compared
to the host ion, r(La3+) = 1.36 Ȧ. This means that, in this case, where r(Sr) > r(La), there
appears a tensile strain. For the exchange interaction constant in the doped case Jd, we
use the relation Jd < J. An increase in the lattice parameters and the cell volume was
observed for Sr-doped LMO by Zheng et al. [27]. The doping concentration is taken
into account by the factor (1−x) in Equation (1). For x = 0, without doping ions, J is the
same as in the undoped compound and is maximal; then, with increasing x, J decreases,
whereas Jd increases. For x = 1, where all host ions are substituted with doping ions, the
first term in Equation (1) vanishes. Only the second term with Jd remains, which, for x = 0,
is zero. This tensile strain, which reduces the exchange interaction constant, leads to a
decrease in magnetization in Sr-doped LMO, in agreement with the experimental data of
Wang et al. [28].

3.1. Film Thickness Dependence of the Phonon Energy and Damping of the A1g Mode 495 cm−1 in
Pure and Sr-Doped LMO Thin Films

Firstly, we investigate the phonon energy and damping for the A1g mode, ω = 495 cm−1,
in pure and Sr-doped free LMO thin films. The film thickness dependence of the phonon
mode for a pure (x = 0) LMO thin film is calculated. It must be noted that the oxygen
excess in LMO films is compensated by a mixed valence state of the manganese cation
(Mn3+/Mn4+). The exchange interaction constants on the two free surfaces (n = 1, N) Js are
different from those in the bulk J; they can be larger or smaller. We have chosen the relation
Js > J, because Kharlamova et al. [29] have reported that, in LMO nanoparticles, the unit
cell volume decreases. Then, through the spin–phonon interaction, we have | Rs |>| R |,
R < 0. The phonon energy ω, which corresponds to the Raman peak position, increases
with the decreasing film thickness d, and the distance between the layers is taken to be
around 1 nm (see Figure 1, curve 1). This means that the Raman mode positions shift
towards a higher frequency compared to the bulk single crystal reported for pure LaMnO3
thin films [15]. The results show a remarkable difference in the phonon energies with the
thickness. This behavior can be explained on the basis of the surface strain, which increases
with decreasing thickness. As the thickness is increased, the phonon energies appear close
to those of the single crystal.

Let us emphasize that the in-plane lattice parameters in LMO thin films are com-
pressed, for example, by LaAlO3 and KTaO3 substrates [30]. This could be explained in our
model by the exchange interaction constants between the film surface Js and the substrate
Jss, Jss > Js; the phonon energy is enhanced in comparison to the case without a substrate
(see Figure 1, curve 1s). For substrates that lead to a tensile in-plane strain (for example,
MgO [30,31]), we must use the relation Jss < Js. The phonon energy is reduced compared
to the free thin film. The effects of the substrate-induced strain on the phonon modes in
Sr-doped LMO thin films [12–15] will be considered in a future paper.
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Figure 1. Film thickness dependence of the phonon energy of the A1g mode ω = 495 cm−1 and their
damping for T = 80 K in (1,1a) pure and (2,2a) Sr (x = 0.1) doped LMO thin film; (1s) LMO thin film
on LaAlO3 substrate.

The film thickness dependence of the phonon energy ω(N) for a Sr-doped LMO thin
film, x = 0.1, is also observed using the model parameters Js > J, | Rs |>| R |, Jd < J and
| Rd |<| R |, R < 0 (Figure 1, curve 2). The phonon energy ω increases again with the
decreasing film thickness d, in agreement with the experimental data of Dore et al. [32].
The Sr doping could not change this behavior. However, it is observed that ω is smaller for
the doped case (curve 2) compared to the undoped one (curve 1). This decreasing of ω for
the Sr-doped LMO thin film is due to the different radii of the doped and host ions, due to
the tensile strain, which appears after Sr doping in the LMO thin film. A similar decrease
in ω with Sr is reported by many authors [10,11,20,21].

The phonon damping γ for pure and Sr-doped LMO thin films is also calculated. γ
corresponds to the full width at half maximum (FWHM) of the Raman peaks. The results are
shown in Figure 1. It can be seen that the phonon damping γ increases with the decreasing
film thickness d. This means that the line widths of the Raman peaks also increase with the
decreasing film thickness. Let us emphasize that γ is larger for the Sr-doped LMO thin film
(curve 2a) than the undoped one (curve 1a). This is so because the doping contribution is
additive to the surface one in the film, i.e.,

γ = γbulk + γsur f ace + γdoping + ... (18)

The broadening of the Raman peaks is reported after decreasing the film thickness in
pure [15] and Sr-doped [32] LMO thin films. Let us emphasize that the distortion caused by
the motions of oxygen atoms in Mn-O6 octahedra around the Mn ion are responsible for the
Raman active vibrations. In doped manganites, the intensity and width of the broad bands
are related to the amplitude of the dynamic fluctuations. The width of the instantaneous
distribution of the Mn-O distances is the origin of the width of the Raman peaks. Therefore,
as the Sr content increases, the activation energy decreases as well as the amplitude of the
dynamic distortions. The width of the peaks corresponding to the RMnO3-type spectrum
increases as the Sr content rises. Moreover, from a structural point of view, the doping by
substitution violates the translational invariance, which naturally causes an increase in the
scattering of the phonon modes, i.e., the damping, of the FWHM.
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3.2. Temperature Dependence of the Phonon Energy and Damping of the A1g Mode 495 cm−1 in
Pure and Sr-Doped LMO Thin Films

The temperature dependence of the phonon energy for the A1g mode ω = 495 cm−1 in
pure and Sr-doped LMO thin films is observed for Sr doping concentration x = 0.1 and using
the following model parameters: Js > J, Jd < J and | Rd |<| R |, R < 0. The results are pre-
sented in Figure 2. The phonon energy decreases with an increasing temperature. There is a
kink at TN = 140 K in ω(T) for the pure LMO due to the spin–phonon interaction (curve 1).
A similar kink was observed experimentally in pure LMO thin films by Dubey et al. [15]
and Sr-doped bulk LMO by Bjoernsson et al. [21] and Podobedov et al. [10]. The kink in
the Sr-doped LMO (which is already ferromagnetic) shifts to higher TC values. It can be
seen from Figure 2 that, for x = 0.1, the kink is at TC = 200 K (curve 2). The increase in the
Curie temperature of Sr-doped bulk LMO was reported also by Dimri et al. [33,34] and
Ahmad et al. [35] using Raman and magnetic studies. The observed temperature behavior
of Sr-doped LMO demonstrates the strong dependence of the phonons on both the temper-
ature and the doping. The anomalies in the phonon energy are observed due to the effect
of the ionic radius of the La/Sr site on both the doping and temperature. Thus, the results
could be interpreted by considering the strong spin–phonon coupling in these compounds.
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Figure 2. Temperature dependence of the phonon energy of the A1g mode ω = 495 cm−1 in (1) pure
and (2) Sr (x = 0.1) doped LMO thin film, d = 20 nm.

The phonon damping γ increases strongly with an increasing temperature T. This
is supported by the experimentally observed broadening of the Raman peaks in these
substances by Granado et al. [36]. There is an anomaly in the temperature dependence of
the phonon damping γ of the A1g mode ω = 495 cm−1 in the pure and Sr-doped LMO thin
film around the phase transition temperatures: T = 140 K and T = 200 K for the undoped
and Sr-doped LMO for x = 0.1 (see Figure 3). The anomalies in the phonon damping around
the phase transition temperature TN in the pure and Sr-doped LMO are due to the strong
anharmonic spin–phonon interaction R. It must be noted that TN is larger in the Sr-doped
LMO than in the undoped one. The broadening of the Raman peaks in Sr-doped bulk LMO
was reported by Podobedov et al. [10,37] and Choi et al. [11].
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Figure 3. Temperature dependence of the phonon damping of the A1g mode ω = 495 cm−1 in (1)
pure and (2) Sr (x = 0.1) doped LMO thin film, d = 20 nm.

3.3. Temperature Dependence of the Phonon Energy and Damping of the B2g Mode 614 cm−1 in
Pure and Sr-Doped LMO Thin Films

Now, we will investigate the phonon energy ω of the B2g mode with ω = 614 cm−1.
The experimental data of Dubey et al. [15] and Podobedov et al. [10] show an increase
in ω with increasing temperature T. In order to obtain this hardening of ω, we choose a
positive anharmonic spin–phonon constant R > 0 [38], Jd < J and Rd < R. The results
are demonstrated in Figure 4. There is again a kink at the phase transition temperatures:
T = 140 K for the undoped case and T = 225 K for the Sr-doped LMO thin film for x = 0.1.
Moreover, above the kinks, and above the phase transition temperatures, the phonon ener-
gies ω decrease slightly with an increasing temperature. This is due to the fact that, above
TC, only the anharmonic phonon–phonon interactions A and B remain. The anharmonic
spin–phonon interaction with negative R < 0 and positive R > 0 causes the different
behavior of ω—softening or hardening below the phase transition temperature.
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Figure 4. Temperature dependence of the phonon energy of the B2g mode ω = 614 cm−1 in (1) pure
and (2) Sr (x = 0.1) doped LMO thin film, d = 20 nm.
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The phonon damping γ increases with temperature T (see Figure 5). There is again
an anomaly around the phase transition temperatures: T = 140 K for the undoped case
and T = 225 K for the Sr-doped LMO thin film for x = 0.1. It must be mentioned that γ is
larger in the doped case compared to the undoped one for both cases—negative R < 0
and positive R > 0 (compare with Figure 4)—because the damping is proportional to
R2; see Equation (9). This behavior is due to the strong spin–phonon interaction R. An
alternative means to observe the hardening of the phonon mode is the decrease in the
Jahn–Teller distortion with increasing doping concentration x [13,36]. The reduction in
the Jahn–Teller distortion in Sr-doped LMO has the same effect on the phonon energy as
the change in the crystal symmetry due to the temperature-induced phase transition. This
assumption is also confirmed by the polarized Raman spectra of doped crystals reported
by Podobedov et al. [37]. Temperature-dependent Raman characterization has shown a
metallic phase with a total reduction in the Jahn–Teller distortion in the rhombohedral
La0.67Sr0.33MnO3 nanoparticles [18].
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Figure 5. Temperature dependence of the phonon damping of the B2g mode ω = 614 cm−1 in (1) pure
and (2) Sr (x = 0.1) doped LMO thin film, d = 20 nm.

3.4. Sr Doping Effect in LMO Thin Films on the Electrical Conductivity

Among perovskites with an ABO3 structure, LMO is well known for solid oxide fuel
cell (SOFC) applications. Strong electrical conductivity is necessary for the compound to
serve as a cathode in SOFCs. Therefore, the doping of alkaline earth metals at the A-side
enhances the electrical conductivity of the material [39]. Finally, from Equations (12)–(14),
we have calculated the Sr concentration dependence of the electrical conductivity σ in an
LMO thin film, d = 20 nm, T = 750 K. The substitution of La3+ with Sr2+ with a larger
ionic radius favors both the crystal symmetry and the electrical conductivity of LMO. The
results are presented in Figure 6. It can be seen that σ is enhanced when increasing the
dopant concentration x; thus, it could be used for energy applications. This behavior is in
qualitative agreement with the recently reported experimental results of Gupta et al. for Sr-
doped LMO nanoparticles [4]. It must be noted that Gupta et al. [4] observed the highest σ
increasing for x = 0.15. A similarly enhanced σ was obtained in Sr (on the La site) and Fe (on
the Mn site) doped LMO by Shafi et al. [40] and transition metal-doped LaMnx M(1−x)O3
(M = Fe, Co, Cr, Mn) [41]. Recently, He et al. [42] studied the electrical conductivity in
Sr-doped LaMO3 (M = Al, Ga, In, Er and Y) under varying oxygen partial pressures.
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Figure 6. Sr doping concentration dependence of the electrical conductivity σ for LMO, d = 20 nm.

4. Conclusions

In conclusion, the film thickness, temperature, substrate and doping dependence of
the phonon energy ω and damping γ of pure and Sr-doped LMO was investigated using a
microscopic model and the Green’s function theory. The kink near TN = 140 K in pure LMO
(due to strong spin–phonon interactions) shifts to higher T values with increasing Sr dopant.
The softening and hardening of the ω = 495 cm−1 (A1g) and ω = 614 cm−1 (B2g) modes
is explained by the different sign of the anharmonic spin–phonon interaction constant
R, negative for the first case and positive for the second one. The damping increases
with T for both cases, R < 0 and R > 0. In the temperature dependence of γ, there
appears again an anomaly around the critical temperature. The phonon energy of the A1g

mode with ω = 295 cm−1 decreases, whereas the damping increases with an increasing Sr
concentration. ω and γ increase strongly with the decreasing film thickness. The substrates
can change also the phonon properties. The electrical conductivity is enhanced after the
doping of LMO thin films with Sr, which could be used for energy storage applications.

Let us emphasize that the band gap is an important parameter in photocatalysts.
Sr-doped LMO nanoparticles with low band gap energy of 2.2 eV could be used for energy
applications [43]. The doping dependence of LMO with Sr and other doping ions will be
investigated in a future paper.
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Abstract: The application of superamphiphobic coatings improves the surface’s ability to repel fluids,
thereby greatly enhancing its various functions, including anti-fouling, anti-corrosion, anti-icing,
anti-bacterial, and self-cleaning properties. This maximizes the material’s potential for industrial ap-
plications. This work utilized the agglomeration phenomenon exhibited by nano-spherical titanium
dioxide (TiO2) particles to fabricate 1H,1H,2H,2H-perfluorodecyltriethoxysilane (PFDTES) modified
TiO2 (TiO2@fluoroPOS) fillers with low surface energy. This was achieved through the in-situ forma-
tion of protective armor on the surface of the agglomerates using the sol-gel method and fluorination
modification. Polyvinylidene fluoride-tetrafluoropropylene (PVDF-HFP) and TiO2@fluoroPOS fillers
were combined using a spraying technique to prepare P/TiO2@fluoroPOS coatings with superam-
phiphobicity. Relying on the abundance of papillae, micropores, and other tiny spaces on the surface,
the coating can capture a stable air film and reject a variety of liquids. When the coatings were
immersed in solutions of 2 mol/L HCl, NaCl, and NaOH for a duration of 12 h, they retained their
exceptional superamphiphobic properties. Owing to the combined influence of the armor structure
and the organic binder, the coating exhibited good liquid repellency during water jetting and sandpa-
per abrasion tests. Furthermore, the coating has shown exceptional efficacy in terms of its ability to
be anti-icing, anti-waxing, and self-cleaning.

Keywords: superamphiphobic; armor structure; spraying method; robust; multifunctional

1. Introduction

By improving a surface’s ability to repel fluids, special anti-wetting coatings can
maximize the material’s potential for industrial applications by improving the surface’s
anti-fouling [1–3], anti-corrosion [3–6], anti-icing [6–10], anti-bacterial [7], and many other
properties [11]. Researchers have used low surface energy materials to construct micro-
nano roughness structures in order to prepare superhydrophobic coatings, which are widely
used in antifouling, anti-corrosion, anti-icing, and self-cleaning applications [12–17]. These
coatings are inspired by the unique wettability of plants and animals found in nature,
such as lotus leaves [18], water striders’ legs [19], rose petals [15], etc. The application
of superhydrophobic coatings in oil-contaminated environments is restricted since these
coatings, even with basic micro- and nano-rough structures, are frequently unable to repel
oil and other liquids with a surface energy lower than water [20,21]. In order to expand
the coating’s wettability resistance from water to oil, the concept of superamphiphobic
surfaces has emerged, i.e., the contact angle of both water and oil is greater than 150◦,
and the sliding angle of both water and oil is less than 10◦ [22–24]. and the generally ac-
cepted prerequisites for the development of superamphiphobic surfaces—that is, materials
with extremely low surface energy and specifically designed surface structures [20], like
kangaroo, overhanging [13], and re-entrant structures [25,26]—have been established. In
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order to create re-entrant structures on the surface of silicon wafers, Kang et al. [27] used
lithography to produce mushroom-shaped micropillar arrays with great structural fidelity.
It was discovered that these structures were super-liquid repellent to low surface energy
liquids like white mineral oil. In order to create meter-like porous structured superam-
phiphobic coatings, Ganesh et al. [28] used PVA-TiO2 nano-fibers on glass substrates and
the electrostatic spinning method. The prepared surfaces’ contact angles with ethylene
glycol and water were 166◦ and 152.6◦, respectively. Strict and exact control over the surface
structure is necessary to construct such particularly formed superamphiphobic surfaces
with high structural fidelity. This calls for the employment of labor-intensive and sophis-
ticated processes like electrostatic spinning, photolithography, and reactive ion etching.
These techniques have limited applicability, are frequently costly, and are dependent on the
substrate material for the manufacture of superamphiphobic surfaces.

The most promising solution to this problem now available is the spraying method,
which is easy to use, quick, affordable, and suitable for a wide range of large-area sur-
faces [29–32]. There is a dearth of literature on superamphiphobic coatings because the
spray method builds up nano-particles on the coating’s surface, and it is challenging
to control the coating’s morphology to meet the requirements of superamphiphobic mi-
crostructures [28,33,34]. In the literature that has been reported thus far, the coatings
sprayed with nano-particle vegetation are primarily superhydrophobic coatings. This is
because the requirements of superhydrophobic coatings on the surface morphology are
relatively easy to meet. Wang [35] claims that, compared to nano-spherical particles with
rough surfaces, the coating made by the spraying method using smooth nano-spheres has
much less liquid repellency. Cassie’s principle [21] states that the solid-liquid contact area
and contact angle decrease with increasing filler particle surface roughness. Consequently,
employing the spraying method to create superamphiphobic coating microstructures might
be aided by creating superamphiphobic filler particles with rough surfaces.

Prior to coating application, the coating must have a suitable balance of mechanical
stability and liquid repellency [17,36]. In order to make the coatings adaptable to more
demanding environments, the researchers tried to introduce different kinds of binders to
enhance the mechanical durability of the coatings [31,37]. The superamphiphobic surfaces
formed only by the agglomeration and accumulation of nano-superamphiphobic fillers
are almost always fragile and have poor mechanical durability [38]. Natural wear and
tear or even a slight touch may destroy their texture structure and lead to the loss of
their superamphiphobicity [17,20,29]. To create a multilayer superamphiphobic covering,
Zhu [30] used transparent silicone resin as a binder and sprayed micro-nano-particles
on top of the silicone resin. Zhou [19] was able to create a coating that could sustain
superamphiphobicity under extreme stretching conditions by using PDMS as a binder
and spraying silicon nanofilaments onto a substrate that had already been stretched. The
surface structure exhibits poor stability and robustness as the addition of binder increases
the bonding force between the coating and the substrate. However, the nano-particle
stacking causes a small inter-particle gap that restricts the entry of binder, and the attraction
between the agglomerated nano-particles is weak, resulting in a poor inter-particle bonding
force [39]. The in-situ growth of protective shells on the surface of their agglomerates
can preserve the rough structure of the nano-particle-stacked structure and increase the
robustness of the structure by utilizing the agglomeration effect of the nano-particles. This
increases the stability of the entire coating to capture the air film.

In this work, the thermoplastic polymer polyvinylidene fluoride-hexafluoropropylene
(PVDF-HFP), which has good binding strength and corrosion resistance, was chosen as
the binder, and nano-spherical titanium dioxide particles were chosen as the precursor
for the synthesis of 1H,1H,2H,2H-perfluorodecyltriethoxysilane (PFDTES) modified TiO2
(TiO2@fluoroPOS) functional fillers. Titanium dioxide rough armors were grown in situ on
the surface of titanium dioxide agglomerates using the sol-gel method, utilizing the agglom-
eration effect of the nano-particles. Then, using 1H,1H,2H,2H-perfluorodecyltriethoxysilane
(PFDTES), the TiO2 rough particles were fluorinated to produce TiO2@fluoroPOS fillers
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with a high fluorine content on the surface. This process produced functional fillers with
low surface energy and high roughness. After mixing and spraying the filler and binder, a
multifunctional P/TiO2@fluoroPOS superamphiphobic coating with outstanding stability
was created. In terms of corrosion, self-cleaning, antifouling, anti-icing, and anti-waxing
properties, the coating performed admirably.

2. Materials and Methods

2.1. Materials

Titanium dioxide (TiO2, spherical particles, particle size 20~30 nm) and polyvinylidene
fluoride-hexafluoropropylene (PVDF-HFP, 99%) were supplied by Aladdin, Wallingford,
CT, USA. Tetrabutyl titanate (TBT, AR, 98%), acetic acid (CH3COOH, 99.9%), 1H,1H,2H,2H-
perfluorodecyltriethoxysilane (PFDTES, 97%), hydrochloric acid (HCl, AR, 36~38%), sodium
hydroxide (NaOH, ACS, 97%), sodium chloride (NaCl, AR), and n-hexadecane (RG, 98%)
were all supplied by Adamas, Emeryville, CA, USA. Anhydrous ethanol (EtOH, AR, 99.5%)
and mineral oil (RG, 99%) were supplied by Greagent, Ringoes, NJ, USA. Soybean oil was
supplied by Luhua, Yantai, China.

2.2. Preparation of TiO2@fluoroPOS Fillers

The TiO2@fluoroPOS superamphiphobic fillers were prepared by the sol-gel method,
and the preparation process is shown in Figure 1a. Firstly, 2 g of TiO2 powder was dispersed
in a mixed solution of 200 mL of anhydrous ethanol, 20 mL of deionized water, and 12 mL
of acetic acid, then 6 mL of TBT was slowly added dropwise to the solution and stirred
vigorously for 6 h to ensure complete hydrolysis. Subsequently, 1.6 mL of PFDTES was
added dropwise to the solution and reacted for 12 h. Finally, the TiO2@fluoroPOS fillers
were obtained after washing with anhydrous ethanol to a PH > 6.5 and drying at 70 ◦C for
12 h.

Figure 1. (a) The schematic illustration of the fabrication of filler TiO2@fluoroPOS. (b) The schematic
illustration of the preparation of the superamphiphobic coating P/TiO2@fluoroPOS.

2.3. Preparation of P/TiO2@fluoroPOS Coatings

The coatings were prepared by spraying with a mixture of filler and binder, and the
preparation process is shown in Figure 1b. The Al substrate was polished using 1000 mesh
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sandpaper to remove the oxide layer and then cleaned with deionized water and anhydrous
ethanol. Next, 2 g of TiO2@fluoroPOS filler and 1.5 g of PVDF-HFP binder were dispersed
in 20 mL of anhydrous ethanol. The dispersions were sprayed on the Al substrate (spraying
area 24 cm2) using a spray gun at a distance of about 20 cm from the Al substrate and a
pressure of 0.3 MPa. The filler surface concentration ranged from 41.7 to 62.5 g/m2. Finally,
the superamphiphobic P/TiO2@fluoroPOS coating was obtained after curing at 220 ◦C for
60 min.

2.4. Characterization

The contact angles (CAs) of water and oil were measured by a contact angle measuring
system (ZJ-6900, ZJ, Shenzhen, China). The sliding angles (SAs) of water and oil were
measured by angular tilting platforms (GFWG60-60, MISUMI, Shanghai, China). The
measurement results were the average value of the CAs and SAs at five positions with 10 μL
water droplets and oil droplets. The crystal structures of the particles were determined
by X-ray diffraction (XRD, X’Pert PRO MPD, Nalytical, Alemlo, The Netherlands). The
functional groups of the original TiO2 and TiO2@fluoroPOS were analyzed by Fourier
transform infrared spectroscopy (FT-IR, Nicolet iS 10, Green Bay, WI, USA). The surface
chemistry of TiO2@fluoroPOS fillers was analyzed by X-ray photoelectron spectroscopy
(XPS, Thermo Scientific K-Alpha, Waltham, MA, USA). Binding energies were calibrated
with reference to the C1s peak at 284.8 eV. The surface morphology of the fillers and
coatings was observed by scanning electron microscopy (SEM, Hitachi S3400N, Hitachi,
Tokyo, Japan).

3. Results and Discussion

3.1. Analyses of TiO2@fluoroPOS Filler

Figure 2 depicts the TiO2@fluoroPOS filler’s chemical reaction pathway. In an acidic
environment, tetrabutyl titanate (TBT) readily hydrolyzes to form hydroxyl groups. Fol-
lowing a sequence of hydrolysis condensation reactions, TiO2 armors form on the surface
of TiO2 agglomerates. The fluorine-containing groups of PFDTES are then grafted onto the
surface of titanium dioxide via the condensation reaction, yielding a low-surface-energy
functional filler.

 

Figure 2. The reaction schematic for the fabrication of filler TiO2@fluoroPOS.

Figure 3a displays the original TiO2 and TiO2@fluoroPOS XRD test results. Character-
istic peaks of the original TiO2 are located at 2θ = 25.36◦, 37.83◦, 8.09◦, 53.90◦, 55.0◦, 62.74◦,
68.81◦, 70.38◦, and 75.12◦, respectively; they correspond to the crystal planes (101), (004),
(200), (105), (211), (204), (116), (220), and (215). The reacted TiO2@fluoroPOS characteristic
peaks do not exhibit any discernible changes from the original TiO2, and they align with
the standard peak base of anatase TiO2. This suggests that the TiO2 armors grown on the
surface of the TiO2 agglomerates possess the same structure as the original TiO2.
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Figure 3. (a) XRD patterns of original TiO2 and TiO2@fluoroPOS; (b) FT-IR spectra of original TiO2

and TiO2@fluoroPOS; (c) XPS survey spectra of TiO2@fluoroPOS; (d) high-resolution C 1s spectra of
TiO2@fluoroPOS.

Figure 3b displays the results of the Fourier transform infrared spectroscopy (FT-IR)
measurements of the original TiO2 and TiO2@fluoroPOS. The primary cause of TiO2’s ab-
sorption peak at 3739 cm−1 is water from crystallization, while the vibration of immobilized
hydroxyl groups on the surface of TiO2 is responsible for the absorption peak at 1628 cm−1.
TiO2@fluoroPOS’s absorption peaks at 3740 cm−1 and 1626 cm−1 indicate the existence of
hydroxyl groups and water crystallization. The three new absorption peaks at 1239 cm−1,
1209 cm−1, and 1149 cm−1 are due to the stretching vibrations of the -CF3 and -CF2 groups
of PFDTES. This suggests that the groups containing fluorine have effectively branched
onto the TiO2 armor surface.

As seen in Figure 3c,d, XPS was used to confirm the chemical composition of TiO2@
fluoroPOS. The presence of many fluorine elements on the surface of the TiO2@fluoroPOS
filler was indicated by the detection of a high peak of F1s at 689.05 eV. Furthermore, the
-CF3, -CF2, C-O, and C-C groups of PFDTES were detected as the peaks at 294.0 eV, 291.7 eV,
286.2 eV, and 284.8 eV in the C1s high-energy spectra. In order to create low surface energy,
which is essential for building the superamphiphobic coating, the results show that several
low surface energy groups have been effectively branched onto the filler’s surface.
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3.2. Surface Morphology of TiO2@fluoroPOS Fillers and P/TiO2@fluoroPOS Coatings

Figure 4a displays the microstructures of the original TiO2. The surface of the un-
treated TiO2 is smooth and spherical, with individual particles having a diameter of roughly
20~30 nm. Van der Waals forces cause the TiO2 nano-particles to aggregate into agglomer-
ates, which have a rough, uneven surface morphology. Despite this, van der Waals forces
do not strongly bond the particles together, and there are clear interstitial gaps between the
particles. TiO2@fluoroPOS’s microstructure can be observed in Figure 4b,c. Agglomerated
particles with armor structure are roughly 1~2 μm in diameter. The surface of the particles
retains the original rough structure of the agglomerates, and the granular protrusions are
tightly bound to encapsulate the agglomerates. During the sol-gel process, the titanium
dioxide armored structure grows in situ along the agglomerate surface, encapsulating the
agglomerates into a micrometer particle with a surface nano-roughness structure that is
critical to the robustness and construction of the superamphiphobic coatings.

Figure 4. The SEM images of (a) TiO2 and (b,c) TiO2@fluoroPOS fillers. (d) Optical microscope
photograph of P/TiO2@fluoroPOS coatings. (e,f) The SEM images of P/TiO2@fluoroPOS coatings.

The P/TiO2@fluoroPOS coating’s morphology is displayed in Figure 4d–f. The optical
microscope image exhibits hilly bumps distributed on the surface of the coating. A solid and
unique micro-nano roughness structure is formed by the fillers with a micro-nano roughness
structure layered interleaved on the coating’s surface, creating a lot of protrusions and
micropores. The fillers are adhered to and supported by the polymer binder. The coating
is in the Cassie–Baxter state, which facilitates the suspension of droplets on top of the
rough surface and results in superamphiphobicity. It does this by relying on the numerous
papillae, micropores, and other small gaps working together to capture a stable air film.

3.3. Wettability of P/TiO2@fluoroPOS Coatings

The wettability of the Al substrate, PVDF-HFP coating, and P/TiO2@fluoroPOS coat-
ing was assessed by measuring the contact angles of water and mineral oil. Figure 5a
demonstrates that the naked Al surface is both hydrophilic and amphiphilic, but the PVDF-
HFP surface is hydrophobic and lipophilic. The contact angles of the P/TiO2@fluoroPOS
coating for water and mineral oil were 160.8◦ and 157.4◦, respectively. This demonstrates
the coating’s exceptional superamphiphobicity.
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Figure 5. (a) Wettability of water and mineral oil on different samples. (b) The contact angle and
sliding angle of various liquid droplets on P/TiO2@fluoroPOS coating. (c) Photograph of various
liquid droplets on the P/TiO2@fluoroPOS coating. (d) The silver mirror effect. (e1,e2) Rolling of
mineral oil on a substrate composed of P/TiO2@fluoroPOS and Al.

The wettability of the P/TiO2@fluoroPOS coatings was assessed by measuring the
contact angles of water and mineral oil at various particle concentrations. The coatings
maintained a filler-to-binder mass ratio of 4:3. The purpose was to investigate the impact of
different particle concentrations on the wettability of the coatings and identify the critical
concentration required to achieve superamphiphobic properties. Table 1 demonstrates a
notable association between the concentration of particles and the hydrophobic and oleo-
phobic characteristics of the coating. At a particle concentration of 6.19 g/m2, the coating
attains superhydrophobicity. When the particle concentration increases to 20.69 g/m2, the
oil contact angle of the coating measures 149.8◦, which is near the critical concentration
required for achieving superamphiphobicity. At a concentration of 29.97 g/m2, the coating
exhibits exceptional superamphiphobic properties. Subsequently, when the concentration
increases further, the contact angle reaches a plateau.

Table 1. Influence of surface particle concentration on the liquid repellency of coatings.

Concentration of
Particles (g/m2)

Water Contact
Angle (◦)

Standard
Deviation

Oil Contact
Angle (◦)

Standard
Deviation

6.19 154.4 1.30115 136.3 2.15244
11.75 157.6 1.69794 144.1 2.61381
20.69 159.5 1.39104 149.8 1.56301
29.97 160.2 1.01833 154.8 1.57575
36.36 160.7 1.23369 157.2 1.10317

In order to evaluate the wettability of different surface tension (γ) liquids on the
surface of the P/TiO2@fluoroPOS coating, the contact angle and sliding angle of various
droplets, such as water (γ = 72.8 mN/m), soybean oil (γ = 33.8 mN/m), mineral oil
(γ = 30.7 mN/m), and n-hexadecane (γ = 27.4 mN/m) [30,40], were measured. All of
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these liquids had contact angles larger than 150◦ and sliding angles smaller than 10◦,
as seen in Figure 5b. The contact angle of water was measured to be 160.8◦, whereas
the contact angle of n-hexadecane was found to be 155.1◦, and the sliding angle was
measured to be 3.5◦. The P/TiO2@fluoroPOS coatings were coated with droplets of all
four liquids, and, as shown in Figure 5c, the droplets were able to retain their spherical
or ellipsoidal shapes. A silvery shine on the coating is observed when the coating is
submerged in the liquid, as depicted in Figure 5d. This silvery shine was formed due to the
total reflectance of light on the air film trapped on the surface. This specific event suggests
that the coating’s surface can isolate the coating from the liquid by trapping and holding a
stable air film. When mineral oil drops are applied to two different surfaces of aluminum
plates positioned at an incline (P/TiO2@fluoroPOS coating, aluminum plate), as depicted in
Figure 5(e1, e2), the droplets of mineral oil move quickly on the P/TiO2@fluoroPOS coating
without sticking to it. However, when the coating comes into contact with the aluminum
plate, the droplets spread out rapidly, and the movement becomes more fluid, but at a
slower pace. Additionally, the droplets adhere to the coating, demonstrating exceptional
performance. The velocity was significantly reduced, and there were adhered oil droplets.
The coatings of P/TiO2@fluoroPOS exhibited exceptional superamphiphobic properties.

3.4. Corrosion Resistance of P/TiO2@fluoroPOS Coatings

In order to evaluate the corrosion resistance and stability of the coatings in extreme
external environments, they were immersed in solutions containing 2 mol/L of NaOH,
HCl, and NaCl. Figure 6b demonstrates a clear silver mirror effect at the boundary between
the solid and liquid. This indicates that the coating has successfully maintained a stable
air layer in the corrosive solution environment. Following a 12-h immersion, the contact
angle and sliding angle were determined. The results in Figure 6a revealed that the coating
maintained a contact angle over 150◦ and a sliding angle below 10◦, demonstrating excep-
tional superamphiphobic performance even after being exposed to the corrosive solution.
The P/TiO2@fluoroPOS coatings exhibit exceptional superamphiphobic characteristics and
demonstrate a strong aversion to corrosive solutions. According to the Cassie state, air
may be easily trapped in the small gaps between the protrusions. This creates a barrier that
makes it challenging for water and corrosive ions to access the surface of the coating. The
repulsion hinders the wetting of the coating surface by the liquid, consequently decreasing
the contact area between the liquid and the coated surface. Corrosion typically happens
when a liquid comes into contact with a material’s surface and a chemical reaction occurs.
By minimizing the contact area, corrosion can be effectively prevented.

3.5. Oil Repellency of P/TiO2@fluoroPOS Coatings

Superamphiphobic coatings often exhibit antifouling characteristics, but with limi-
tations imposed on their applicability to ordinary liquids such as water and cooking oil.
However, mineral oil has a low surface tension and a high adherence to the substrate or
coating surface; thus, the coating’s resistance to adhesion must meet strict standards. To
evaluate the durability of the coatings in an environment where they are immersed in min-
eral oil, specifically focusing on their superamphiphobic properties, the P/TiO2@fluoroPOS
coatings were immersed in mineral oil and then extracted, with each instance being doc-
umented as a cycle (Figure 6(d1)). Following a certain number of cycles, the coatings
were assessed for their contact angles and slide angles. As shown in Figure 6c, after being
immersed for 200 cycles, the coating continues to exhibit superamphiphobicity. However,
after 400 cycles of immersion, the oil contact angle (OCA) of the coating reduces to 147.3◦.
The contact angle exhibits a gradual reduction as the number of cycles increases. As the
cycles approached 1200, the contact angle consistently maintained over 135◦, indicating a
continued ability to effectively repel liquids. After an extended period of immersion cycle
testing, small spherical droplets will adhere to the surface of the coating (Figure 6(d2,d3)).
This is likely due to the infiltration of mineral oil into the micro-nano protrusions on the
coating surface, which increases the adhesion force. Consequently, the coating transitions
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from the Cassie state to a coexisting state of Wenzel and Cassie [41,42]. During each mea-
surement, when the mineral oil comes into contact with the coating surface, some of the
micro-nano protrusions may be re-infiltrated, displacing air and causing a change in the
contact angle.

The inclusion of PVDF-HFP and TiO2@fluoroPOS fillers in the coating imparts it with
low surface energy groups, resulting in an inert barrier and exceptional chemical resistance
under challenging conditions, such as highly corrosive liquids and mineral oils. The
combination of structural and compositional stability contributes to the overall stability of
the collected gas film, ensuring that the coating offers versatile protection for the substrate
in practical settings.

Figure 6. (a) Wettability of P/TiO2@fluoroPOS coating after immersion in 2M NaOH, 2M NaCl, 2M
HCl, and water for 12 h. (b) Photograph of P/TiO2@fluoroPOS coating immersion in 2M NaOH, 2M
NaCl, 2M HCl, and water. (c) Wettability of P/TiO2@fluoroPOS coating with immersion cycles in
mineral oil. (d1) Photograph of P/TiO2@fluoroPOS coating immersion in mineral oil; (d2) photograph
of the coating after 200 and 2000 cycles; (d3) droplets of oil sticking to the coating’s surface.

3.6. Anti-Icing of P/TiO2@fluoroPOS Coatings

Figure 7a,b illustrates the solidification of water on the Al plate’s surface and the
P/TiO2@fluoroPOS coating at a temperature of −15 ◦C. The water droplets on the sur-
face of the aluminum plate underwent full solidification after a duration of 530 s. By
contrast, the water droplets on the P/TiO2@fluoroPOS coating took 1254 s to freeze. The
freezing duration of the water droplets was noticeably prolonged when shielded by the
P/TiO2@fluoroPOS coating. The inherent hydrophilicity of the uncoated aluminum plate
facilitated the wetting of the coating surface by water droplets, leading to an increased
contact area between the solid and liquid phases. As a consequence, heat transfer across
the solid-liquid interface was accelerated at low temperatures. On the other hand, the
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shape of water droplets on the P/TiO2@fluoroPOS coating is spherical, and the coating
maintains its superhydrophobic properties even at low temperatures. The coating’s surface
is non-wetted, resulting in a significant decrease in the contact area between the solid and
liquid. This results in a notable decrease in the rate at which heat is conducted, thereby
causing a delay in the freezing of water droplets.

Figure 7. The freezing process of a water droplet (0.1 mL) at a temperature of −15 ◦C on the
(a) Al plate and (b) P/TiO2@fluoroPOS coating; (c) Ice adhesion strength on the Al plate and
P/TiO2@fluoroPOS coated Al plate at −15 ◦C.

At a temperature of −15 ◦C, the ice adhesion strength on the surface of an Al plate is
263.1 kPa, whereas the ice adhesion strength on the surface of a P/TiO2@fluoroPOS coating
is 61.2 kPa, as shown in Figure 7c. The ice adhesion strength on the coated surface is greatly
reduced, facilitating the fast removal of ice from the surface. The coating may effectively
prevent ice formation by delaying the freezing of water droplets and lowering the strength
of ice adhesion, thereby achieving the objective of anti-icing.

3.7. Anti-Waxing of P/TiO2@fluoroPOS Coatings

Wax accumulation issues in the petroleum industry may be resolved by using liquid-
avoiding superamphiphobic coatings. Figure 8a,b illustrates the process of paraffin droplets
forming wax on the surface of a carbon steel plate and P/TiO2@fluoroPOS coating at a
temperature of 20 ◦C. The paraffin droplets on the carbon steel plate underwent quick
infiltration and dispersion, followed by full solidification within 440 milliseconds, resulting
in strong adhesion to the iron plate’s surface. On the other hand, the paraffin droplets
present on the P/TiO2@fluoroPOS coating exhibited an ellipsoidal shape and took 1240 ms
to fully solidify. This considerably prolonged the time it took for wax to form. The wax
droplets were applied to the coating surface and exhibited an ellipsoidal morphology. The
contact area between the paraffin wax and the coating was minimal, suggesting that the
coating had a propensity to evade the wax droplets. It was postulated that this phenomenon
could be attributed to the presence of an air film on the coating surface, acting as an anti-
adhesion layer, which impeded the wetting of the paraffin wax droplets. Simultaneously,
the limited thermal conductivity of air impedes the propagation of heat from the paraffin
droplets to the frigid surface. The presence of an air film serves as a thermal barrier
and anti-adhesion layer, thereby impeding the pace of wax bonding and diminishing the
bonding strength. Consequently, this coating proves to be efficacious in preventing wax
bonding and effectively addresses the issue of anti-waxing during the transportation of
crude oil.
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Figure 8. The waxing process of a paraffinic droplet (0.1 mL) at a temperature of 20 ◦C on the (a)
carbon steel plate and (b) P/TiO2@fluoroPOS coating.

3.8. Self-Cleaning Ability of P/TiO2@fluoroPOS Coatings

Water and mineral oil were used as driving droplets to evaluate the self-cleaning
efficacy of P/TiO2@fluoroPOS coatings. As shown in Figure 9a–d, clays and coal were
chosen as surface pollutants and equally distributed on the coated surface positioned at
an incline. Drops of water and mineral oil were then introduced separately. The test
findings indicated that the coating’s surface facilitated the rolling movement of water and
oil droplets, enabling them to penetrate and remove impurities from the coating’s surface.
The findings indicate the coating’s exceptional ability to self-clean its surface in both water
and oil liquid conditions.

Figure 9. Self-cleaning process on the fabricated P/TiO2@fluoroPOS coating driven by (a,b) water
and (c,d) mineral oil.
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3.9. Mechanical Stability of P/TiO2@fluoroPOS Coatings
3.9.1. Water Jetting Test

Given the environmental conditions in which superamphiphobic coatings are used,
fluid jetting is often inevitable. Water jetting experiments were performed to evaluate
the impact resistance of the P/TiO2@fluoroPOS coating. The coating was positioned in
a horizontal orientation, 30 cm below the water flow, at a pressure of 80 kPa, as seen in
Figure 10a. The contact angle and sliding angle of the coating were measured after a
certain duration of water impact. The findings may be shown in Figure 10b. Following a
10-min water jetting process, the contact angle of the coating did not exhibit a substantial
decline and remained over 150◦. However, the sliding angle experienced a large rise,
reaching x◦. The armor structure of the TiO2@fluoroPOS fillers successfully withstood the
forceful flow of water, preventing quick degradation of the nano-structure of the coating
and ultimately avoiding coating failure. During the time period of 10~18 min, when water
is sprayed onto the coating, the contact angle decreases at a faster rate. This leads to a
loss of superamphiphobicity, and some of the rough structure that is not strongly bonded
with the binder is damaged. After 18 min of exposure to the water flow, the contact angle
decreases at a slower rate and eventually stabilizes. Following a 30 min impact, the contact
angle of the coating remained consistently over 130◦.

Figure 10. (a) Schematic of sandpaper abrasion; (b) the wettability of P/TiO2@fluoroPOS coat-
ing after sandpaper abrasion. (c) Schematic of the water jetting test; (d) the wettability of the
P/TiO2@fluoroPOS coating after water jetting.

3.9.2. Sandpaper Abrasion Test

One of the main obstacles to the widespread use of superamphiphobic coatings is their
surface structure’s fragility. Sandpaper abrasion tests were used to assess the mechanical
resilience of the P/TiO2@fluoroPOS coatings that were produced. As shown in Figure 10c,
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square sandpaper was positioned squarely against the coating (contact area 16 cm2) and
moved 10 cm in a single direction while bearing a 100 g load set as a single cycle. Figure 10d
displays the test findings. After 100 abrasion cycles, the coating’s superamphiphobicity
did not alter. After 200 cycles, however, a portion of the coating’s surface structure was
damaged, and its oca was still larger than 130◦, maintaining strong liquid repellency.
The nanoclusters attain a micron-scale size subsequent to the development of protective
armor on their surface. The micron particles undergo a secondary rough structure on the
surface, resulting in a nano-meter scale structure. The binder secures the micron particles
to withstand tangential forces, while the surface armor safeguards the nano-particles from
damage to the nano-structure. The combined effect of the binder and protective armor
ensures exceptional mechanical stability for the coating.

3.10. Superamphiphobicity Mechanism

PVDF-HFP and TiO2@fluoroPOS fillers enhanced with low surface energy groups—
which have outstanding liquid repellency, corrosion resistance, and mechanical stability—
make up the P/TiO2@fluoroPOS superamphiphobic coating. As seen in Figure 11a, a
potential mechanism for the interaction between the coating and liquid was suggested in
order to clarify the superamphiphobicity mechanism of the coating. Many micro-convex
and inwardly concave microporous structures were formed by the accumulation of fillers
on the coating surface. By using this structure and the low surface energy TiO2@fluoroPOS
fillers, an air film could be captured on the coating’s surface. The nano-microstructures
on the coating’s surface are a part of the fillers’ rough armor, which is difficult to de-
stroy. The rough armor is fixed by the PVDF-HFP connection between the encapsulated
agglomerates, ensuring stability for both the structure and the captured air film. The
Cassie–Baxter equation [17,21,43] states that cosθD = fscosθY − fg, where θD represents the
apparent contact angle and θY represents the liquid-solid intrinsic contact angle. In the ideal
Cassie state, the sum of fs and fg (liquid-solid/gas-solid contact fractions) is 1, resulting in
cosθD = fs(1 + cosθY) − 1. Therefore, as the liquid-solid contact fraction fs decreases, the
apparent contact angle θD significantly increases, leading to the repulsion of low surface
energy droplets.

Figure 11. (a) Schematic diagram of the mechanisms of air film stability on the P/TiO2@fluoroPOS
coating surface. (b) Hydrogen bond interactions between the Al substrate and PVDF-HFP.

PVDF-HFP serves as a binding agent in the coating process, facilitating improved
interparticle bonding and promoting robust adhesion to the coating. This enables a secure
link between the substrate and the coating, thereby mitigating tangential friction. Figure 11b
illustrates the hydrogen bonding interactions between the F atoms in the PVDF-HFP and
the -OH groups on the Al substrate.
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4. Conclusions

In this study, a novel superamphiphobic coating consisting of P/TiO2@fluoroPOS was
effectively synthesized using a straightforward and scalable spraying method. The coating
exhibited corrosion resistance, self-cleaning properties, anti-fouling capabilities, anti-ice-
covering properties, and anti-waxing properties. The superamphiphobic filler with micro-
nano structure was obtained by growing rough armors on the surface of titanium dioxide
agglomerates using the sol-gel process and subsequently fluorinating them. The coatings
constructed using PVDF-HFP and TiO2@fluoroPOS fillers exhibit highly stable air films
due to the synergistic effects of filler structural stabilization and binder immobilization.

Many liquids with varying surface tensions exhibit repulsion towards the coating,
including n-hexadecane (contact angle: 155.1◦, sliding angle: 3.5◦) and water (160.8◦,
sliding angle: 2.6◦). Furthermore, the coating exhibits remarkable mechanical and chemical
stability, and it retains its superamphiphobicity even after being immersed for 12 h in
solutions containing 2 mol/L HCl, NaOH, and NaCl. In addition, the coating oil contact
angle retains more than 130◦ even after 200 cycles of sandpaper abrasion and 30 min of
80 kPa water jetting. The coating also performs exceptionally well in terms of self-cleaning,
anti-icing, and anti-waxing. With a wide range of potential applications in real-world
industrial production, the current work offers a novel concept for immobilizing nano-
particles on the coating’s surface to improve its mechanical and chemical resilience.
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Abstract: Cerium-based materials (CeO2−x) are of significant interest in the development of vacancy-
modulated resistive switching (RS) memory devices. However, the influence of grain boundaries
on the performance of memristors is very limited. To fill this gap, this study explores the influence
of grain boundaries in cerium-based thin film resistive random-access memory (RRAM) devices.
Sm0.2Ce0.8O2−x (SDC20) thin films were deposited on (100)-oriented Nb-doped SrTiO3 (NSTO) and
(110)-oriented NSTO substrates using pulsed laser deposition (PLD). Devices constructed with a
Pt/SDC20/NSTO structure exhibited reversible and stable bipolar resistive switching (RS) behavior.
The differences in conduction mechanisms between single-crystal and polycrystalline devices were
confirmed, with single-crystal devices displaying a larger resistance window and higher stability.
Combining the results of XPS and I–V curve fitting, it was confirmed that defects near the grain
boundaries in the SDC-based memristors capture electrons, thereby affecting the overall performance
of the RRAM devices.

Keywords: memristor; Sm0.2Ce0.8O2−x; pulse laser deposition; grain boundaries; oxygen vacancy

1. Introduction

With the emergence of the Internet of Things (IoT) and cloud computing, there
has been an exponential growth in data volume [1]. However, the classical computing
architecture based on the von Neumann model exhibits fundamental limitations due
to the so-called von Neumann bottleneck, which prevents simultaneous processing of
data [2–4]. Memristors, as a type of non-volatile memory device based on RS, are regarded
as an effective solution to overcome this issue due to their advantages, such as long data
retention time, simple structure, high density integration, low power consumption, fast
operation speed, strong scalability, straightforward components, and ease of integration
with standard metal−oxide−semiconductor (MOS) technology [5]. Oxides are widely used
in various fields due to their advantages, such as room temperature stability, multifunction-
ality, renewability, and processability [6]. In recent years, numerous oxide materials have
been discovered to exhibit RS behavior, including SiO2 [7], TiO2 [8], Ta2O5 [9], HfO2 [10],
BiFeO3 [11], and SrTiO3 [12], among others. In general, the switching of memristors is
caused by the formation and disruption of conductive filaments, which can typically be
classified into the following two cases: metal cation pathways and oxygen vacancy anion
pathways [1].

CeO2−x, a classic fluorite-structured oxide, is widely investigated due to its consider-
able oxygen ion conductivity, structural stability, and other properties [13–15]. Introducing
trivalent ions dopant can induce charge compensation defects in CeO2, such as oxygen
vacancies and Ce3+, thereby enhancing the conductivity and oxygen storage properties
of doped cerium (DoxCe1−xO2−y) [16]. Although the formation of conductive filaments
in memristors based on the VCM (Valence Change Memory) mechanism is not yet fully
understood, most studies indicate a close association with oxygen vacancies [17–19]. Conse-
quently, DoxCe1−xO2−y (e.g., SDC, GDC) is a potential material for the RS layer in RRAM.
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Recently, extensive studies have been conducted on thin film CeO2−x as the RS layer. Ismail
et al. studied the RS characteristics of Ti/CeO2−x/Pt devices with varying RS layer thick-
nesses and found that the electroforming voltage and set voltage decrease with decreasing
film thickness. Rupp et al. discovered that Pt/GdxCe1−xO2−y/Pt devices with a doping
concentration of 20 mol% exhibit optimal RS performance, while too low or too high doping
concentrations have negative effects [20,21]. In CeO2−x, in addition to oxygen vacancies,
the impact of planar defects, such as grain boundaries, are also crucial, as they significantly
influence catalytic performance, electrical conductivity, and the oxygen storage and release
capabilities [22,23]. However, the grain boundary effects in SDC thin film memristors have
not been extensively investigated. Therefore, to fill this gap, we fabricated single-crystalline
and polycrystalline SDC thin film memristors and analyzed the effects of grain boundaries
in these devices.

Pulsed laser deposition (PLD) provides an effective method for the precise control of
the microstructure of target materials, taking device miniaturization into consideration.
Recent studies have utilized PLD for the microstructural manipulation of target materials.
For instance, Dou et al. utilized temperature engineering to achieve three distinct grain
morphologies in CeO2 thin films and demonstrated that devices with a “columnar scaffold”
morphology exhibited the best overall resistive switching performance [24]. Additionally,
Wang et al. used PLD to grow CeO2(111) unit cells on STO(110) substrates, which have
a high lattice mismatch, resulting in CeO2 thin films with a significant number of grain
boundaries [25]. Therefore, PLD is an effective method for defect engineering in cerium
dioxide thin films, capable of introducing planar defects within the films. This provides an
ideal platform for investigating the impact of grain boundaries on memristors.

This paper aims to explore the impact of grain boundaries on SDC thin film memristors.
Using PLD, we grew both single-crystal and polycrystalline SDC films on (100)-oriented
NSTO and (110)-oriented NSTO substrates, respectively. We investigated the bipolar re-
sistive switching characteristics of devices with a Pt/SDC/NSTO structure, finding that
single-crystal SDC film devices exhibited superior switching characteristics. Addition-
ally, combining XPS and I–V curve fitting confirmed the differences in electron transport
properties between single-crystalline and polycrystalline devices. Although atomic vacan-
cies [26] enable CeO2 to perform resistive switching, grain boundaries have a negative
impact. This evidence is important for defect engineering and provides new insights for
the development of advanced doped cerium-based RRAM devices in the future.

2. Materials and Methods

2.1. Synthesis of SDC20 Powder

CeO2 and Sm2O3 powders were placed into a ball milling jar at the stoichiometric
ratio, along with an appropriate amount of water as a dispersant, leaving approximately
one-third of the space empty. Subsequently, an appropriate amount of ZrO2 spheres was
added as the grinding media. Two similarly weighted ball milling jars were then placed
into a ball miller with a rotation speed set at 30 Hz and milled for 12 h. Upon completion
of milling, the resulting precursor powder was dried in an oven. The dried powder was
then placed in a muffle furnace and calcined at 1000 ◦C in air for 5 h at a heating rate of
5 ◦C/min.

2.2. Thin Film Preparation of the Resistive Switching Devices

Single-crystal (100)- and (110)-oriented SrTiO3 substrates doped with 0.7 wt.% Nb,
measuring 5 × 5 mm2, were subjected to ultrasonic cleaning in acetone and ethanol prior
to loading into the UHV (ultra-high vacuum) chamber. Subsequently, SDC20 thin films
were deposited on the substrates via pulsed laser deposition (NanoPLD, PVD Products,
Wilmington, MA, USA) under a base pressure lower than 5 × 10−7 Pa and without any
gas environment. SDC20 targets were prepared using conventional sintering methods.
Plasma was generated between the substrate and target using a focused KrF excimer laser
(wavelength: 248 nm) with a laser energy of 0.5 J/cm2 and a repetition rate of 10 Hz. Prior
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to SDC20 deposition, the substrate underwent in situ annealing at 650 ◦C to achieve a
clean and flat surface. During the deposition process, the substrate was maintained at
650 ◦C. After deposition, the temperature was decreased to room temperature at a rate of
30 ◦C/min.

2.3. Resistive Switching Device Fabrication

Platinum (Pt) top electrodes (TE) were deposited at room temperature using radio
frequency magnetron sputtering (Lesker ProlinePVD75, Kurt J. Lesker, Pittsburgh, PA,
USA). The area of the TE was 100 × 100 μm2, and a mask was employed for patterning.
Additionally, Pt was also used to contact the NSTO bottom electrode (BE).

2.4. Electrical Characterization of Resistive Switching Device

In this study, all electrical characterization measurements were conducted using an
Agilent B1500 semiconductor parameter analyzer. Measurements were performed by
contacting the electrodes using probes, with the top electrode biased positively and the
bottom electrode grounded.

3. Results and Discussion

3.1. Powder Characterization and Analysis

The powder XRD analysis, as shown in Figure S1, reveals the formation of a cubic
fluorite structure in the powder, with no apparent impurity phases. A comparison with
the pure CeO2 structure indicates a slight increase in the 2θ diffraction peak of CeO2(220)
from 47.46◦ to 47.67◦, accompanied by a reduction in the c-axis lattice parameter. This
reduction is attributed to the substitution of Sm3+ (0.958 Å) for Ce4+ (0.97 Å), leading to
lattice contraction, consistent with the expected results. The doping of 20% Sm was further
confirmed by Inductively Coupled Plasma Spectrometer (ICP) analysis of the powder
composition, as shown in Table S1.

3.2. Characterization and Analysis of SDC20 Thin Films

Figure 1a shows the X-ray diffraction (XRD) θ-2θ scan spectrum of the SDC20 film
grown on (100)-oriented NSTO. According to the XRD spectra, only reflections correspond-
ing to the (200) planes were observed on the SDC20 film, indicating that the SDC20 film is
predominantly oriented along the c-axis. Figure 1d shows the X-ray diffraction (XRD) θ–2θ
scan spectrum of the SDC20 film grown on (110)-oriented NSTO. Using Bragg’s formula, we
determined the lattice parameters of single-crystalline and polycrystalline SDC thin films
along the c-axis to be 5.44 Å and 5.46 Å, respectively. The greater distortion along the c-axis
in polycrystalline SDC thin films indicates the presence of more defects within the bulk
of the polycrystalline films. Figure 1b,e depict the rocking curves of the single-crystal and
polycrystalline SDC20 films, respectively. The half-widths are in the range of 0.04◦~0.06◦,
indicating that both possess high crystal quality. Figures 1c and 1f, respectively show the
two-dimensional AFM images of the single-crystal and polycrystalline SDC20 thin films.
Both exhibit dense and smooth surfaces with uniform grain sizes and orderly arrangements.
The AFM results show that the surface roughness of single-crystal and polycrystalline films
is essentially the same, indicating that the contact between the Pt electrode and SDC is
consistent in both single-crystal and polycrystalline devices. As shown in Figure S2, the
surface morphology of single-crystal and polycrystalline SDC20 films was observed under
a magnification of 50,000 times. Consistent with the AFM results presented in the previous
section, both exhibited smooth and dense surfaces, indicating good film growth.
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Figure 1. X-ray Diffraction (XRD) Spectrum and Atomic Force Microscopy (AFM) Images of Single-
Crystal and Polycrystalline Devices: (a,d) high-resolution XRD spectrum of the SDC20 thin film.
(b,e) Swinging curve at the (200) peak position of the SDC20 thin film. (c,f) Two-dimensional AFM
image of the SDC20 thin film.

3.3. Electrical Characterization of the Devices

Figure 2a illustrates the current−voltage (I–V) characteristics of Pt/SDC20/NSTO(100)
devices measured in voltage sweep mode. Typical bipolar resistive switching (RS) behavior
is observed over repeated switching cycles. Figure 2a provides a brief description of the
device structure, wherein forward bias corresponds to the application of positive voltage to
the top Pt electrode. Furthermore, our Pt/SDC20/NSTO(100) structure does not require a
forming process. As shown in Figure 2b, the initial resistance of the Pt/SDC20/NSTO(100)
device remains in a high-resistance state (HRS). When the voltage is swept from 0 V to +4 V
and back to 0 V, hysteresis in the I–V curve is observed, indicating that the device has been
set to a low-resistance state (LRS), i.e., the set process. By applying a negative bias, the
device can return to HRS, as indicated in ranges 3 and 4 of Figure 2b, i.e., the reset process.
Obtaining identical I–V hysteresis over 50 consecutive cycles demonstrates reversible
and repeatable RS behavior. Figure 2c illustrates the multi-step set process of the device.
By consecutively applying positive scanning voltages of 5 V for six cycles, the current
gradually increases with each step of the set process, demonstrating analog memristive
device characteristics. This observation is further corroborated by subsequent synaptic
plasticity tests, as depicted in Figure 2d. Under a read voltage of 0.5 V, the conductivity
changes were sequentially recorded during 50 identical positive pulses (5 V, 5 ms) and
50 identical negative pulses (−5 V, 5 ms). The conductivity of the device gradually increased
with the application of positive pulses, reaching saturation thereafter. In contrast, negative
pulses led to a decrease in conductivity until saturation. These nonlinear transmission pulse-
time-dependent characteristics bear a similarity to the pulse-time-dependent plasticity
observed in biological synapses. As depicted in Figure 2e, the resistance ratio (RHRS/RLRS)
between HRS and LRS at +0.5 V (~180) indicates the applicability of our RRAM device.
Throughout over 500 switching cycles, no significant degradation or drastic fluctuations
in the bistable resistance states were observed. Additionally, following the switching of
the device to either the High Resistance State (HRS) or the Low Resistance State (LRS),
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the time retention capabilities of the device in both HRS and LRS were assessed under
a reading voltage of 0.5 V applied every 10 s (Figure 2f). The resistance values of both
HRS and LRS remained stable, with no decline observed within 104 s, thus confirming the
non-volatile nature of the device. Similarly, we also conducted electrical performance tests
on the polycrystalline Pt/SDC20/NSTO(110) devices. Figure 2g plots the current−voltage
(I–V) characteristics of the Pt/SDC20/NSTO(110) device measured in voltage sweep mode,
displaying bipolar I–V hysteresis loops within the range of −10 V to +7 V. As shown in
Figure 2h, unlike the single-crystal device, after 100 cycles at a read voltage of 0.5 V, the
Ron/Roff ratio is only 3. Similarly, as shown in Figure 2i, the polycrystalline devices also
exhibited analog memristive characteristics, demonstrating potentiation and depression
under 100 consecutive positive pulses and 100 consecutive negative pulses, respectively.

 
Figure 2. Electrical performance characterization of single-crystal (a–f) and polycrystalline (g–i)
devices: (a) Schematic diagram of the device structure. (b) Typical I–V characteristic curves over
50 repeated switching cycles. (c) Multi-step set process of the device under a +5 V scanning voltage.
(d) Synaptic testing of the device. (e) Endurance test over 500 consecutive reset-set cycles, read at
0.5 V. (f) Retention tests for HRS and LRS after reset and set operations, respectively, read at 0.5 V.
(g) Typical I–V characteristic curves over 50 repeated switching cycles. (h) Endurance test over
100 consecutive reset-set cycles, read at 1.1 V. (i) Synaptic testing of the device.

3.4. I–V Curve Fitting Analysis

To verify the conduction mechanisms of the devices, we fitted the forward I–V curves
of two devices. As shown in Figure 3a, the forward portion of the single-crystal device was
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fitted according to the space-charge-limited current (SCLC) model. The SCLC model can
be represented by the following equation [27]:

J =
9μεrε0

8d3

(
θr

1 + θr

)
V2 (1)

where J is the current density, ε is the dielectric constant, μ is the carrier mobility, and θ
is a defect-related constant. In the low voltage region, the slope is approximately 0.88,
indicating a sub-linear relationship between current and voltage. This behavior may be
related to ohmic conduction or defect state capture currents within the material. In the
intermediate voltage region, the current exhibits a nonlinear relationship with increasing
voltage, typically associated with the trap-filled limit (TFL) stage. As the voltage increases
to a certain level, the trap states begin to fill up, leading to a rapid increase in current. In
the higher voltage region, the current transitions to the SCLC region. In this region, the
conduction mechanism is governed by the space charge of the injected current, where the
relationship between current and voltage typically follows a square or higher power law.

Figure 3. Fitting of I–V curves of the device in the positive voltage range with two different conduction
models: (a) single-crystal devices: space-charge limited conduction and (b) polycrystalline devices:
Poole−Frenkel emission.

We fitted the forward I–V curve of the polycrystalline device according to the
Poole−Frenkel model, as shown in Figure 3b, which follows the equation [28]:

J = AE·exp
(
− B

kT
·E 1

2

)
, ln(I/V) ∝ V

1
2 (2)

where J is the current density, E is the electric field intensity, A and B denote constants,
and k stands for the Boltzmann constant. The logarithm of the current-to-voltage ratio
ln(I/V) exhibits a nearly linear relationship with V1/2, indicating the dominance of the
Poole−Frenkel mechanism in the conduction process of polycrystalline devices. Based on
this model, we hypothesize that defects within the bulk of polycrystalline devices capture
electrons and, under the influence of an external field, reduce the energy barrier of the defect
states, thereby facilitating the successful excitation of electrons into the conduction band.

Foglietti et al. [29] confirmed the ohmic contact at the CeO2/NSTO interface and
indicated that the redox process occurs at the Pt/CeO2 interface. Therefore, we believe that
the differences in the RS effect between single-crystal and polycrystalline devices are due
to the differences in grain boundaries within the SDC film. To verify the above hypothesis,
we will also utilize X-ray Photoelectron Spectroscopy (XPS) for validation.

3.5. XPS Analysis and Switching Mechanism Analysis

Using XPS to probe the surface stoichiometric differences of single-crystal and poly-
crystalline SDC20 thin films, the Ce 3d XPS spectra for both cases are depicted in Figure S3.
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The Ce 3d spectra were fitted using the spin-orbit splitting dipole for 3d3/2 and 3d5/2 or-
bitals [30]. During the fitting process, the intensity ratio of the 3d3/2 to 3d5/2 peaks was fixed
at 1.5 (with the 3d3/2 core energy level defined as u and the 3d5/2 core energy level defined
as v), and a spin-orbit splitting binding energy difference Δ = 18.514 eV was employed.
Additionally, five pairs of spin-orbit split peaks were fitted. Among these pairs, v0 and u0,
v′ and u′, are associated with Ce3+, while v and u, v′′ and u′′, and v′ ′ ′ and u′ ′ ′ are associated
with Ce4+. The fitting data are provided in Table S2. By calculating the ratio of the Ce3+

to Ce total peak areas, the Ce3+/Cetol values for the single-crystal and polycrystalline
SDC20 films were determined to be 14% and 12.3%, respectively, as shown in Figure S3a.
The fitting results indicate that, at near-surface positions, single-crystalline SDC20 thin
films possess a greater abundance of oxygen vacancies compared to polycrystalline SDC20
thin films.

However, in most studies, polycrystalline films typically exhibit a higher concentration
of oxygen vacancies compared to single-crystalline films due to the presence of grain
boundaries. Therefore, we conducted XPS analysis at various etching depths for both single-
crystalline and polycrystalline films and plotted the variation of each element’s proportion
with their etching depth. As shown in Figure 4a, after etching, a higher concentration of
Ce3+ is exposed on the surface of the polycrystalline film. By calculating the peak areas, the
proportions of each element can be determined. As depicted in Figure 4b, the proportion
of Ce3+ increases with the etching depth. This increase is attributed to the unavoidable
reduction reactions during the etching process and the exposure of Ce3+ from the bulk.
Similarly, we performed the same characterization on the single-crystalline film. As shown
in Figure S3b,c, etching also exposes more Ce3+ in the single-crystalline film. However,
the proportion of Ce3+ stabilizes with continued etching, confirming that the increase in
Ce3+ in the polycrystalline film during etching is due not only to reduction reactions but
also to the exposure of Ce3+ from the bulk. At the same etching depth, polycrystalline SDC
thin films exhibit a higher concentration of Ce3+ compared to single-crystal SDC thin films.
This also confirms that polycrystalline SDC thin films have more oxygen vacancies in the
bulk phase.

We propose the following explanation: The substitution of high-valence Ce4+ ions by
low-valence Sm3+ ions lead to the generation of many defects, namely oxygen vacancies,
to maintain charge neutrality. Under the conditions of 20 mol% doping, the coordination
number of Ce is greater than that of Sm, resulting in a greater tendency for oxygen va-
cancies to be surrounded by Sm3+ [31]. Research conducted by Lei et al. has reported
that trivalent dopant ions tend to aggregate at grain boundaries [32], thereby leading to
a higher concentration of oxygen vacancies near these boundaries, while relatively fewer
oxygen vacancies are observed at near-surface positions. Dou et al.’s work demonstrated
that conductive channels form near grain boundaries [24]. This finding explains why
polycrystalline devices exhibit lower resistance in the high resistance state (HRS) compared
to single-crystalline devices (as shown in Figure 2e,h), corroborating the fact that oxygen
vacancies accumulate near grain boundaries.

In summary, the speculation that the conduction mechanism of polycrystalline SDC20
devices conforms to the Poole−Frenkel model appears to be valid. TEM results (Figure 4c)
indicate the presence of numerous dislocations within the film, where grain boundaries
containing abundant dislocation cores form a common [110] tilt axis, consistent with
reported findings [25]. In combination with the TEM results, the accumulation of many
oxygen vacancies at grain boundaries (as shown in Figure 4d) captures electrons during
the conduction process. Under the influence of an external field, electrons are released
from these defects, thereby successfully transitioning to the conduction band (as shown in
Figure 4e).
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Figure 4. (a) The Ce 3d XPS spectra of polycrystalline SDC thin films at various etching depths.
(b) Elemental analysis of polycrystalline SDC thin films at different etching depths. (c) TEM images
of polycrystalline SDC thin films. (d) Schematic illustration of oxygen vacancy distribution within
the bulk of SDC20 thin film. (e) Conduction mechanism analysis of the polycrystalline device.
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4. Conclusions

In summary, we successfully fabricated single-crystalline and polycrystalline SDC
films using PLD technology. These films were employed as RS layers to construct
Pt/SDC20/NSTO devices, and their RS performance was studied. The single-crystalline
device exhibited the best resistive switching performance, maintaining stable resistance
states over 500 switching cycles with a switching ratio of 102. In contrast, the polycrystalline
device demonstrated poorer RS properties, attributed to the accumulation of Sm at grain
boundaries, which generated numerous defects that captured electrons, making electron
conduction reliant on high-electric fields. This viewpoint was confirmed by XPS and I–V
curve fitting. This work highlights the negative impact of grain boundaries in doped
systems and provides new insights for the development of advanced memristor devices.

Supplementary Materials: The following supporting information can be downloaded at:
https://www.mdpi.com/article/10.3390/ma17133360/s1, Figure S1: (a) XRD patterns of SDC20
powder. (b) The shift of the SDC (220) orientation peak.; Figure S2: SEM images of the single-crystal
(a) and polycrystalline (b) SDC20 film. Figure S3: (a) The Ce 3d XPS spectra of single-crystal and
polycrystalline SDC thin films. (b) Elemental analysis of single-crystal SDC thin films at different
etching depths. (c) The Ce 3d XPS spectra of polycrystalline SDC thin films at various etching depths.
Table S1: Table of ICP results for SDC.; Table S2: Comparison of fitting results of each component of
Ce 3d XPS spectra of SDC thin films.
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Abstract: An X-ray analysis of exfoliated MoS2, produced by means of microwave-assisted liquid-phase
exfoliation (LPE) from bulk powder in 1-methyl-2-pyrrolidone (NMP) or acetonitrile (ACN) + 1-methyl
-2-pyrrolidone (NMP) solvents, has revealed distinct structural differences between the bulk powder
and the microwave-exfoliated samples. Specifically, we performed X-ray diffraction (XRD) and X-ray
photoelectron spectroscopy (XPS) measurements to identify the elements of our exfoliated sample
deposited on a Si substrate by drop-casting, as well as their chemical state and its structural crystalline
phase. In the exfoliated sample, the peaks pattern only partially resremble the theoretical Miller
indices for MoS2. In contrast, the bulk powder’s spectrum shows the characteristic peaks of the
2H polytype of MoS2, but with some broadening. Notable is the retention of partial crystallinity
in the post-exfoliation phases, specifically in the normal-to-plane orientation, thus demonstrating
the effectiveness of microwave-assisted techniques in producing 2D MoS2 and attaining desirable
properties for the material. XPS measurements confirm the success of the exfoliation procedure and
that the exfoliated sample retains its original structure. The exfoliation process has been optimized
to maintain the structural integrity of MoS2 while enhancing its surface area and electrochemical
performance, thereby making it a promising material for advanced electronic and optoelectronic
applications ranging from energy storage to sensing devices under ambient conditions.

Keywords: MoS2; molybdenum disulfide; liquid-phase exfoliation; microwave; XRD; XPS; 2D

1. Introduction

Transition metal dichalcogenides (TMDs) are very promising layered materials that
have been widely studied for their scalability and thickness-dependent properties [1–9].
TMDs are compounds with the chemical formula MX2, where M stands for a transition
metal element (Mo, W, Nb) and X indicates a chalcogen (e.g., Se, S, Te). Bulk TMDs have
a layered crystal structure assembled by stacking together two-dimensional (2D) X-M-X
sheets with weak van der Waals (vdW) forces acting between adjacent layers that can be
exfoliated/synthesized to convert layered crystals into 2D nanosheets by means of several
techniques and methods [8–26]. In particular, liquid-phase exfoliation (LPE) has been
proven to be a very reliable method to obtain nanosheets in liquid media from bulk via
intercalation into interlayers, weakening the interlayer bonding, especially if combined
with microwave radiation [16,17,27,28]. Among the TMD materials, molybdenum disulfide
(MoS2), which is found abundantly in nature in the form of molybdenite, is one of the
most studied [5,19,29,30]. Its crystal structure consists of an hexagonal plane of Mo atoms
sandwiched by hexagonal planes of S atoms. These triple planes—a monolayer of MoS2—
stack on top of each other with strong covalent bonds between the Mo and S atoms and
weak van der Waals forces holding layers together, until the bulk structure is formed. Bulk

Materials 2024, 17, 3887. https://doi.org/10.3390/ma17163887 https://www.mdpi.com/journal/materials117



Materials 2024, 17, 3887

MoS2 is reported to have an indirect bandgap of 1.2 eV— similarly to silicon—whereas
2D monolayer MoS2 nanosheets have a direct bandgap of 1.8 eV, possessing intriguing
optical properties suitable for several applications, such as light-emitting diodes, tran-
sistors, batteries, and photovoltaics [4,10,18,22,27,28,31–42]. In fact, studies of thin and
ultrathin films produced with various techniques, starting from exfoliated two-dimensional
materials or bulk materials, to create devices and heterostructures that can be used in
fields ranging from the medical to the energetic areas are increasingly widespread and
frequent [9,12,14,22,23,43–46]. In particular, the study and the realization of third-generation
photovoltaic cells that exploit the properties of 2D materials are spreading more and more.
For example, 2D vdW materials have been employed to improve utilizing photoexcited
hot carriers (HCs)—high-energy carriers beyond the band edges of the semiconductor
material used, which are not in thermal equilibrium with the lattice—for light-harvesting
applications such as hot carrier solar cells (HCSCs), enhancing the solar to electric power
conversion efficiency (PCE) [47–51].

In this frame, a 2D MoS2 semiconductor material is considered very promising for its
excellent optical absorption property and fast charge carrier dynamics, and, consequently, it
seems natural how important it is to define solid crystal structures distinguishing between
the crystalline phases of our bulk and exfoliated material.

Specifically, bulk molybdenum disulfide crystals are characterized by three different
polytypes, 1T, 2H, and 3R phases, where the number indicates how many monolayers
are considered internally to the unit cell of the crystal lattice, and the letters T, H, and R
refer to the trigonal, hexagonal, and rhombohedral structural symmetry, respectively [2,52].
The 2H phase is shown in Figure 1 as a ball-and-stick representation in which Mo and
S atoms are reported in grey and yellow, respectively. Structural phases depend on the
stacking arrangement of layers in MoS2 with respect to Mo coordination. Concerning 2D
MoS2, five polymorphs—1H, 1T, etc.—have been suggested for the atomic structure of
monolayers [2,10,52–54]. Then, while the 2H configuration possesses an atomic stacking
sequence, a 1H arrangement denotes a single-layer structure of a 2H phase [2,9,54,55]. The
structure of 2H-MoS2 facilitates having several exposed surfaces, one along the edges of
SxMoxS layer via the c-axis named the (002) basal plane, while the latter is along the edges
of SxMo and is known as the (100) plane [54]. Thus, efficiently distinguishing the presence
of a monolayer or multiple monolayers and their respective crystal structure can greatly
affect the creation of a device and its characteristics. The most used technique to determine
the different phases of bulk and exfoliated materials is X-ray diffraction (XRD) analysis [56].

In this frame, herein we propose a study regarding the X-ray characterizations of
exfoliated MoS2 produced by means of microwave-assisted LPE for the future realization
of devices (e.g., HCSC). LPE is fairly well studied, but still there are not many papers
in which this technique is assisted by microwaves, especially to obtain two-dimensional
materials. Compared with what is present in the literature, in this study, we propose not
only variations in the preparation of samples to be exfoliated and their subsequent filtra-
tion, but also an extensive study on exfoliated sample characterization by X-ray. In fact,
by means of XRD, we obtain important information to distinguish structural differences
between the bulk sample to be exfoliated and the exfoliated samples. Furthermore, we
support our results obtained with XRD by accompanying them with X-ray photoelectron
spectroscopy (XPS) measurements. This technique allows the identification of the elements
that exist within a material (elemental composition) or are covering its surface, as well as
their chemical state, and the overall electronic structure and density of the electronic states
in the material. In our case, our scope is to confirm the success of the exfoliation procedure
and that the exfoliated sample retains its original structure. In particular, as shown in
Figure 1, we will focus our attention on the 2H phase of MoS2, investigating the corre-
spondence of the family of (parallel) lattice planes along the c axis between the bulk and
exfoliated samples.
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Figure 1. Ball-and-stick schematic model of the 2H phase unit cell for MoS2 reporting the parallel
lattice planes and the corresponding Miller indices along the c axis. This figure is achieved by means of
VESTA (Visualization for Electronic and STructural Analysis), a 3D visualization software package for
structural models, volumetric data such as electron/nuclear densities, and crystal morphologies [57].

2. Materials and Methods

In our experiments, we made use of model bulk MoS2 powder (Molybdenum (IV)
sulfide, Alfa Aesar) and exfoliated samples obtained by means of microwave-assisted
liquid-phase exfoliation (LPE) using a single-mode microwave (MW) synthesis system
(Discover from CEM Corp., Matthews, NC, USA).

2.1. Preparation of Exfoliated MoS2

A microwave-heating-based exfoliation process in the presence of intercalated solvents
was used for exfoliating MoS2. This method is based on the use of a solvent or solvents
which intercalate into the interlayer spaces of the nanomaterial and reduce the attractive
van der Waals interactions between the layers [15]. A microwave-assisted approach to
exfoliate MoS2 was performed using two methods reported in the literature which involve
a pre-treatment of the powder with a wet-grinding procedure using high affinity solvents
to avoid powder agglomeration to achieve uniform suspensions [16,17].

2.1.1. Exfoliation of MoS2 with NMP Solvent (MoS2-NMP)

The first exfoliation method used was carried out using 1-Methyl-2-pyrrolidinone
(NMP), both as a pre-wetting solvent and as a solvent capable of dispersing the exfoliated
MoS2, and then the sealed vessel containing the powder and fluid media was placed
into a single-mode microwave reactor and irradiated at 140 W/60 min. After microwave
irradiation, the exfoliated sample of MoS2-NMP was obtained by diluting the suspension
with Dimethyl sulfoxide (DMSO) and filtering it with a 0.2 μm polytetrafluoroethylene
(PTFE) filter membrane on a sand core filtration system. Then, the resulting residue on
the filter was redispersed in ethanol, centrifuged at 5000 rpm/25 min, and the collected
supernatant was evaporated under vacuum. The detailed procedure followed to produce
the sample MoS2-NMP is reported below:
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• Pre-treatment: An amount of 10.2 mg of bulk MoS2 powder and 0.2 mL of NMP were
first sonicated for 5 min and then transferred into a 10 mL quartz vessel with another
2.8 mL of solvent.

• Microwave exfoliation: MW irradiation with the CEM Discover system and high-
speed stirring to homogenize the whole reaction were used. The ‘Power Max’ function
was used at 140 W for 60 min (as operation parameters) with a max temperature
of 200 ◦C, and during microwave irradiation, the temperature was maintained at
approximately 100 ◦C through an air-cooling system.

• Post-Treatment: After cooling, the obtained suspension was first diluted with 5 mL of
DMSO, and then filtered with a 0.2 μm PTFE filter membrane on a sand core filtration
system; subsequently, ethanol was used to rinse the dust deposited on the PTFE filter.
The solid residue was redispersed in ethanol by 5 min of ultrasonic agitation and
centrifuged with 5000 rpm/25 min to remove the thick sheets. The supernatant was
then dried under vacuum at 40 ◦C.

2.1.2. Exfoliation of MoS2 with ACN and NMP Solvents (MoS2-ACN-NMP)

The MoS2-ACN-NMP sample was obtained by the microwave irradiation of MoS2
powder pre-wetted with ACN and dispersed in NMP. Microwave irradiation was per-
formed using an open vessel option by inserting the flask equipped with a refrigerant
directly into the reaction cavity at 300 W/12 min. The green-dark suspension was cen-
trifuged with 2000 rpm/20 min, the supernatant was filtered with a 0.2 μm PTFE filter
membrane on a sand core filtration system, and an ACN/ethanol mixture was used to
rinse the dust deposited on the PTFE filter. The resulting filtered solution was collected
and evaporated under reduced pressure at 40 ◦C to obtain MoS2-ACN-NMP sample. In the
following passages, details of the exfoliation method are given:

• Pre-treatment: An amount of 30.2 mg of bulk MoS2 powder and 0.5 mL of ACN
were sonicated in a glass vial for about 10 min at 30 ◦C (until most of the solvent
had evaporated).

• Microwave exfoliation: The residue pre-wetted with ACN was transferred to a 100 mL
round button flask and 30 mL of MNP was added. Microwave irradiation with a
single-mode microwave synthesis system and high-speed stirring was performed
using an open vessel option by inserting the flask equipped with refrigerant directly
into the reaction cavity of the Discover CEM microwave. The ’Power Max’ function
was used at 300 W for 12 min (as operation parameters) with a max temperature
of 150 ◦C.

• Post-Treatment: After cooling, the green-dark obtained suspension was centrifuged
with 2000 rpm/20 min to remove the thick sheets. The supernatant was then fil-
tered with a 0.2 μm PTFE filter membrane on a sand core filtration system, and
an ACN/ethanol mixture was used to rinse the dust deposited on the PTFE filter.
The resulting filter solution was collected and evaporated under reduced pressure
at 40 ◦C.

2.2. Morphology Characterization

The scanning electron microscopy (SEM) image reported in Figure 2 shows an ex-
ample of our exfoliated sample. The measurement was performed with a Phenom Prox
(PhenomWorld)—an all-in-one desktop SEM for imaging and analysis with a fully inte-
grated energy-dispersive spectrometer (EDS)— by using a magnification of 1000× and a
working distance (WD) of 15.2 mm. As shown in the figure, we obtained lateral dimensions
of almost 17 μm. Furthermore, by EDS measurements, we verified the stoichiometry of our
sample, confirming the presence of sulfur and molybdenum.
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Figure 2. SEM acquisition of our exfoliated sample, showing lateral dimensions of almost 17 μm.

2.3. XRD Analysis

The prepared samples were characterized by X-ray diffraction (XRD) to determine any
modifications in the crystal structure of the exfoliated material, with a particular focus on
2H phase. The samples, in the final formulation, consisted of the dispersion of 1.6 mg/mL
of exfoliated material in a [1:1] water/ethanol solution. After the sample was briefly
vortexed, about 200 μL of such a solution was spread on a [100] Si wafer substrate by the
drop-cast method, and used for the measure after complete drying.

The XRD measurements were collected on a Bruker D2 Phaser diffractometer, a bench-
top instrument working in Bragg–Bentano geometry with an accuracy of about 0.02◦
throughout the entire measuring range. This kind of instrument is usually used for routine
phase identification and quantitative phase analysis. The X-ray source is a Cu standard
sealed ceramic tube with Kα at 1.5400 Å(Kα1) and 1.54439 Å(Kα2), filtered by a 0.5 mm
Ni slab and collimated by a 0.25 mm Soller slit. The diffracted beam was recorded by a
Lynxeye detector in the 1D mode, after collimation with a 0.6 mm slit and a knife-edge of
1 mm. The data were recorded from 10◦ to 75◦ with 3 s of integration time giving a total
run time of about three hours. In this configuration, the Bremsstrahlung contribution is
totally removed, but the Kα2 is only partially filtered. As a consequence beyond an obvious
intensity increment, the presence of two close wavelengths helps to identify faint signals
that originated from the sample, which will always be present as doublets, considering that
in this kind of application, the sample contribution is expected to be very small compared
to the background generated by the sample supporting structure. Moreover, we have
experienced that removing the Kα2 contribution via software routines results in distorted
Kα1 peaks in the case of signal with low counts.

The acquired data were analyzed and visualized using Gnuplot, a open-source
portable command-line driven graphing utility.

2.4. XPS Analysis

PHI Versa Probe II (Physical Electronics), equipped with an Al Kα (1486.6 eV) X-ray
source, measured the XPS spectra. The survey spectra were recorded with an analyzer
energy path of 117 eV, while the C1s, Mo3d, and S2p core levels were measured at 23.5 eV
passing energy. The X-ray beam size was 100 microns at 25 W. A charge neutralization
procedure was performed by simultaneous irradiation of samples using a low-energy
electron beam and an ion beam before measuring the spectra. The XPS peak position was
referenced to a Au metal foil (84.0 eV). XPS peaks were analyzed by using the Multipack
Data Reduction Software (https://www.phi.com/surface-analysis-equipment/system-
software/multipak-data-reduction-software.html, ULVAC-PHI, Inc., Chigasaki, Japan),
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employing a Shirley background curve. After the analysis, we made use of Gnuplot to plot
the data.

3. Results and Discussion

3.1. XRD Measurements

A panoramic view of the collected diffractograms is presented in Figure 3, in which we
reported the spectra acquired for the MoS2 samples investigated (bulk powder and exfoliated)
along with the diffraction pattern calculated for bulk 2H-MoS2 by means of VESTA using the
corresponding CIF file. The expected Miller indices estimated in this latter case are shown
in an impulse graph as red vertical lines named Bulk (calc); the blue line represents the
experimental XRD data for our raw bulk MoS2 powder, named Bulk (exp); and the green
and light-blue lines refer to the XRD spectra of exfoliated MoS2-NMP and MoS2-ACN-NMP
samples, named Exfoliated-NMP and Exfoliated-ACN-NMP, respectively.

Figure 3. XRD spectra for calculated bulk 2H-MoS2 [Bulk (calc), red vertical lines], raw bulk MoS2 pow-
der [Bulk (exp), blue line], MoS2-NMP [Exfoliated-NMP, green line] and MoS2-ACN-NMP [Exfoliated-
ACN-NMP, light-blue line]. The inset shows the presence of an intense Si peak at about 69◦, which is not
reported in the 3D graph to keep the normalized peaks of the MoS2 samples well visible.

As can be observed from the inset of the same figure, the diffractograms are dominated
by the [100] Si contribution. That consists of the expected [400] strong peak at 69.1298,
generated by Kα1 and Kα2, extending up to several orders of magnitude. Note that the
asymmetry of this peak is due to the sharp rising edge of the absorption of the Ni filter [58].
Close to this peak, there is also the presence of a [400] contamination from the Kβ (1.39220 Å)
peak at 2θ = 61.68966◦. Furthermore there is also the occurrence of the basis-forbidden Si
[200] reflection, which can be observed in the range between about 31◦ and 35◦, due to
multiple diffraction (Umweganregung) in the classic ω − 2θ scan [59].

As for the measured samples, a first glance at Figure 3 confirms that the raw material
used is consistent with the expected MoS2 powder diffraction pattern; moreover, in the
exfoliated samples, only the peaks originated by planes parallel to c axes are observed, and
this suggests that the exfoliation was successful and that the obtained flakes are correctly
deposited on the Si surface. For a more detailed analysis of the peak position (i.e., plane
spacing) in the exfoliated samples, we relayed on the [400] Si peak position, which always
presents as a substrate. This peak has been fitted with the sum of two lorentzians generated
by the two Kα line reflections by the [400] plane (d = 1.35765Å) at a 2θ of 69.123 and 69.321,
respectively. This was performed in order to determine both the instrumental angular shift
and the intensity ratio among Kα lines. Those values were then used to determine the
position of the remaining peaks by means of a fitting procedure that includes both CuKα
lines. The experimental 2θ shift was found to be of the order of (7–8·10−3)◦, which is below
instrumental resolution, while for the Kα intensity ratio, we obtained 0.46–0.50.
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The obtained results are listed in Table 1, in which we report the Miller indexes
and the corresponding interplane distances obtained from the literature (CIF data) along
with the experimentally found values for the bulk powder sample and the two types of
exfoliated samples.

Table 1. Lattice distances in Angstrom.

Miller Index 1 CIF Data Powder NMP ACN-NMP

[002] 6.1500 6.14348 6.16374 6.15999
[004] 3.0750 3.07439 3.07866 3.07807
[006] 2.0500 2.04923 2.05103 2.05105
[008] 1.5375 1.53672 1.53758 1.53769

1 Crystal planes refer to the 2H phase typical of the bulk.

Figure 4 reports the fit results for the starting bulk powder sample partly mixed with
Si powder (in order to use the [400] Si peak as a reference for accurate calibration). Only the
[00n] planes from MoS2 are considered, since only these are observed after the exfoliation
processes. In particular, for the last sub figure, a second component has been added to
also include the [112] plane of MoS2, which falls close to [008]. In Figures 5 and 6, we
report the fit results for exfoliated samples using NMP and ACN-NMP as the solvent in the
production process. The fitting procedure and the parameters obtained are given in the
Supplementary Information. Although the statistical error is generally bigger than in the
bulk powder case, the quality of the fits nevertheless allows a reliable assignment of the
peak positions and the consequent inter plane distances.

Figure 4. Experimental data and fitted lorentzian doublet for MoS2 powder.

Figure 5. Experimental data and curve fitting of Kα1 and Kα2 for MoS2 exfoliated using NMP solvent.
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Figure 6. Experimental data and curve fitting of Kα1 and Kα2 for MoS2 exfoliated using
ACN-NMP solvent.

3.2. XPS Measurements

The surface characteristics of all the samples were investigated using X-ray photoelec-
tron spectroscopy (XPS). The survey spectra of the bulk MoS2 (Figure 7d) indicate that the
samples primarily contain C, Mo, S, and O elements.

The surface composition in weight percentage together with the atomic ratio S/Mo
are reported in Table 2 for both samples investigated. The nearly doubled percentage of
carbon and the traces of Na (about 1.80 wt %) observed in the survey of the exfoliated
MoS2-ACN-NMP sample (Figure 7a) are likely related to the solvent used.

Table 2. Surface composition in percentage by weight and atomic ratio S/Mo for powder and
exfoliated MoS2.

Sample O1s (wt %) C1s (wt %) Mo3d (wt %) S2p (wt %) Atomic Ratio S/Mo

powder 6.67 ± 0.21 40.02 ± 0.13 31.42 ± 0.18 21.90 ± 0.15 2.04 ± 0.22
exfoliated 16.00 ± 0.22 78.62 ± 0.11 3.18 ± 0.26 2.20 ± 0.27 2.00 ± 0.24

Figure 7. Deconvoluted XPS for exfoliated MoS2 (a) survey, (b) Mo3d, (c) S2p and bulk MoS2,
(d) survey, (e) Mo3d, and (f) S2p.
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The high-resolution Mo3d spectrum of the bulk MoS2 shown in Figure 7e reveals
two main doublet peaks corresponding to the Mo3d5/2 and Mo3d3/2 states, located at
binding energies around 229.67 eV and 232.80 eV, which are consistent with Mo4+ species.
Additionally, small doublet peaks at 232.85 eV and 235.98 eV indicate the presence of an
oxidized Mo6+ species. The Mo3d5/2-Mo3d3/2 splitting energy is 3.13 eV. The narrow full-
width-at-half-maximum (FWHM) of 0.73 suggests the presence of the 2H phase (hexagonal
crystal structure) according to the literature [60]. The spectrum also displays a peak for
S2s at 226.95 eV, which was included in the fitting with the aim to have a good match
between fitted curves and raw data, as evidenced by the fitting residual. Similarly, the S2p
spectrum in Figure 7f exhibits only the 2H phase with a strong doublet peak at binding
energies of 162.50 eV for S2p3/2 and 163.69 eV for S2p1/2, with a splitting energy of 1.18 eV,
typical for metal sulfides [61,62]. The Mo3d spectra of exfoliated MoS2 (Figure 7b), is slight
shifted towards lower binding energies. The deconvoluted spectra reveal the peaks at
229.19 eV for Mo4+ 3d5/2 and 232.32 eV for Mo4+ 3d3/2 [63], confirming the presence of the
2H phase. The modest shift observed in the case of Mo3d can be attributed to the reduction
in the oxidation state of Mo, supported by the disappearance of the Mo6+ component
after the exfoliation treatment [64]. The S2p spectra (Figure 7c) for exfoliated MoS2 closely
resemble those of the bulk sample, displaying a doublet peak at 163.35 eV and 162.15 eV,
which correspond to the 2H-S2p1/2 and 2H-S2p3/2 states, respectively [63]. The Mo/S
stoichiometry was also analyzed using XPS data, revealing a sulfur-to-molybdenum ratio
of about 2.04 based on the atomic concentration obtained by correlating the respective
areas (see Table 2). This stability confirms that the exfoliated sample maintains its original
structure, as also reported by other authors [17].

4. Conclusions

The aim of this study was to characterize exfoliated MoS2 samples, produced by
means of microwave-assisted liquid-phase exfoliation (LPE) from bulk powder in 1-methyl-
2-pyrrolidone (NMP) or ACetoNitrile (ACN) + 1-methyl-2-pyrrolidone (NMP) solvents,
to reveal the correct exfoliation of the sample and demonstrating, in addition, the preserva-
tion of the 2H phase after exfoliation with only the retention of the [00n] planes. In fact,
as shown in Figure 3, the XRD peaks of our exfoliated samples—compared with the bulk
ones—showed a 2H phase and the loss of lattice plans outside the [00n] ones, causing us to
believe that only very few layers overlap and the samples are well flattened along the z-axis.
Furthermore, as shown in Table 1, which reports the values of the lattice distances obtained
by our data analysis with a precise curve fitting procedure, there are only differences in
thousandths of Angstrom between all the investigated samples. Furthermore, the XPS
analyses on bulk and exfoliated samples support our XRD results, showing the success
of the exfoliation procedure and that the exfoliated sample retains its original structure.
In this frame, the low-dimensionality and the crystal phase of our exfoliated samples allows
us to state that they can be exploited to produce coatings for their use in future energy
applications, such as HCSCs.
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Abstract: Graphene oxide (GO) has recently gained significant attention in electrocatalysis as a
promising electrode material owing to its unique physiochemical properties such as enhanced electron
transfers due to a conjugated π-electron system, high surface area, and stable support for loading
electroactive species, including metal nanoparticles. However, only a few studies have been directed
toward the structural characteristics of GO, elaborating on the roles of oxygen-containing functional
groups, the presence of defects, interlayer spacing between the layered structure, and nonuniformity
in the carbon skeleton along with their influence on electrochemical performance. In this work, we
aim to understand these properties in various GO materials derived from different graphitic sources.
Both physiochemical and electrochemical characterization were employed to correlate the above-
mentioned features and explore the effect of the location of the palladium nanoparticles (Pd NPs) on
various GO supports for the hydrogen evolution reaction (HER). The interaction of the functional
groups has a crucial role in the Pd dispersion and its electrochemical performance. Among the
different GO samples, Pd supported on GO derived from graphene nanoplate (GNP), Pd/GO-GNP,
exhibits superior HER performance; this could be attributed to the optimal balance among particle
size, defect density, less in-plane functionalities, and higher electrochemical surface area. This study,
thus, helps to identify the optimal conditions that lead to the best performance of Pd-loaded GO,
contributing to the design of more effective HER electrocatalysts.

Keywords: graphene oxide; functional groups; Pd nanoparticle; electrocatalysts; hydrogen
evolution reaction

1. Introduction

The intellectual catalyst design approach is critical for developing advanced materials
and accelerating various catalytic reactions, including those in industrial applications [1].
Among various techniques, particular importance is given to electrochemical water splitting
reactions, which create clean, sustainable alternative energy to support the hydrogen
economy [2,3]. Water splitting reactions proceed via two half-cell reactions: H+ ions are
reduced at the cathode (hydrogen evolution reaction, HER), and the water is oxidized at
the anode (oxygen evolution reaction, OER) [4]. While molecular hydrogen (H2) is not
available naturally, the energy produced is clean and environmentally friendly, gaining
interest in fuel cell technology and prompting researchers to necessitate its production on
a large scale [5]. Moreover, H2 generated by the electrochemical approach appears to be
greener and more sustainable [6]. Platinum (Pt) is considered the benchmark catalyst for
HER in acidic media [7]; however, the limited abundance and high cost restrict its practical
applications [8–10]. To reduce pressure on sole Pt, palladium (Pd), having a good affinity
for hydrogen, can be an alternative [11,12]. However, the catalytic activity of Pd is lower
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compared to that of Pt since the Pd–hydrogen system tends to have an internal damage
phenomenon due to hydrogen embrittlement that causes microstructural changes and
cracking, thus reducing its mechanical integrity [13]. It requires inert support materials
that can stabilize the Pd electrodes. In that direction, if the desired performance is achieved,
efforts should still be made to reduce the metal content and maximize the HER performance
to compensate for the cost to a techno-economic level and facilitate real-time applications.
One of the strategies to address this issue is reducing the size of the nanoparticles (NPs)
and then further decorating them on a high-surface-area substrate [14].

Graphene oxide (GO), a derivative of graphene, has various oxygen-containing func-
tional groups, such as hydroxyl, epoxy, carbonyl, and carboxylic groups [15]. These
functional groups act as binding sites for the reactants and allow transition metal ions
to coordinate, making GO an excellent support candidate [16,17]. The utilization of Pd
in its NPs form has the superior benefits of minimal usage while maintaining high cat-
alytic efficiency when supported on GO [18]. This, in turn, makes the catalyst synthesis
cost-effective. Electrochemical processes like HER benefit from binding Pd NPs on a GO
support not only due to the uniform coverage of the metal nanoparticles (M-NPs) but also
by improving stability [19,20]. GO supports have special advantages over other carbon
supports for dispersing M-NPs. For example, typically existing carboxyl groups at the
edges of GO sheets can efficiently serve as nucleation sites for Pd [21]. Hence, Pd NPs at
higher concentrations are prone to attach at edge positions. If these groups distribute uni-
formly on the surface, their interaction can facilitate the anchoring of the Pd NPs, thereby
providing a more homogeneous distribution. Likewise, epoxy groups lying on the basal
plane of the GO sheet may also act as Pd binding sites [22]. GO supports also allow for
controlling the degree of oxidation to maintain a balance between the sp2 hybridized carbon
domains (related to conductivity and gas diffusion) and the functional groups introduced
during oxidation (for dispersibility and functionalization). In general, the sp2 hybridized
regions of GO are less functionalized and may not provide strong anchoring sites for Pd
NPs, resulting in sparser Pd distribution in these areas. Benefitting from the different
functional groups attached, the GO has distinct merits: it is capable of controlling the
particle dispersion and morphology—creating more catalytic active sites—and improving
the binding between Pd NPs and GO supports for better HER kinetics [23]. However, the
actual roles of the functional group, their location (on the edges and/or basal plane), their
influence on M-NPs’ dispersion, and catalytic performance are insufficiently explored, with
more focus given to the M-NPs. Besides functional groups, other structural features like the
interlayer spacing between the GO sheets and defects (distortion or vacancy) also demand
careful consideration.

This work aims to investigate the physiochemical characteristics of a wide series of
Pd-loaded GO catalysts resulting from various graphitic sources and explain their HER
performance distinguishing it from our previous work, which focused mainly on the role
of reactive functional groups and linker molecules in graphene oxide frameworks (GOF)
for stabilizing Pd NPs, specifically in the context of the Suzuki–Miyaura reaction [24]. The
present work deals with an electrochemical perspective, whereas the existing literature fo-
cuses more on reduced graphene oxide (rGO) rather than GO itself. The impact of functional
groups and their influence on electrochemical performance, especially with GO, remains
relatively underexplored. The results from this research will evidently show a clearer
direction in designing effective HER electrocatalysts based on material characteristics and
electrochemical behavior.

2. Materials and Methods

2.1. Materials

Four variations in GO materials were studied in the current research, among which
three of them were reported in our previous publication [24]. The sample codes of the
GO materials are summarized in Table 1. GO-GNP, GO-graphite45, and GO-graphite150
were prepared from graphite sources with different particle sizes. GO-commercial (dry
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powder, 50–100 mesh) was purchased from Layer One—Advanced Materials. Graphene
nanoplatelets (particle size < 2 μm) were purchased from Strem Chemicals. Graphite
(particle size > 45 μm, purity > 98%) was purchased from Wako Pure Chemical Industries.
Graphite (particle size >150 μm) was supplied by Sigma Aldrich. The details of the synthetic
protocols for GO materials are available in the previous publication [24].

Table 1. Sample codes for GO samples.

Carbon Material Sample Code

N.A. a GO-commercial
Graphite (>45 μm) GO-graphite45

Graphene nanoplatelets (<2 μm) GO-GNP
Graphite (>150 μm) GO-graphite150

a The GO was purchased from a commercial source.

Additionally, a graphene oxide framework (GOF) support was prepared from GO-
GNP as a reference sample with the expectation of better dispersion and stabilization of Pd
NPs in the confined spaces created by the covalently bonded linker molecules [25]. The
GOF sample is referred to as GOF-GNP.

A Pd catalyst was synthesized by reducing PdCl2 in the presence of GO and GOF
materials in toluene [25]. In this method, the reactive functional groups present on the
support were exploited as reductant. For further details about the protocol, refer to our
previous publication [24]. The catalyst where Pd was supported on a GO material is
referred to as Pd/GO, and that for GOF-GNP is referred to as Pd@GOF-GNP.

Other reagents including diethyl ether (Wako Pure Chemical Industries, Osaka, Japan),
palladium (II) chloride (PdCl2, Sigma Aldrich, St. Louis, MO, USA), phenyl diboronic
acid (purity > 95.0%, Sigma Aldrich), hydrogen peroxide (35% aqueous solution, Tokyo
Chemical Industry Co., Ltd., Tokyo, Japan), sulfuric acid (H2SO4) (Kanto Chemical Co., Inc.,
Tokyo, Japan), potassium permanganate (Kanto Chemical Co., Inc.), toluene (Kanto Chem-
ical Co., Inc.), methanol (Kanto Chemical Co., Inc.), ethanol (Kanto Chemical Co., Inc.),
propanol (Fujifilm Wako Pure Chemical Co., Osaka, Japan), 5% Nafion TM dispersion solu-
tion DE520 CS-type (Fujifilm Wako Pure Chemical Co.), and 0.3 μm and 0.05 μm alumina
(Al2O3-Baikowski Co., Inc., Malakoff, TX, USA) were used without further purification.

2.2. Characterization

The FT-IR spectra were acquired using JASCO 6100 (JASCO, Tokyo, Japan) in the
range of 4000–400 cm–1 with a resolution of 4 cm–1 by 16 scans. The sample powder was
ground with dried KBr at a weight ratio of 1:50 and then pressed into a pellet. The Raman
spectra of powder samples dispersed on a glass plate were recorded using a laser Raman
spectrometer, NRS-4100 (JASCO), with an excitation wavelength of 532 nm and an exposure
time of 25 s with 10 acquisitions.

The morphology, particle size, and particle size distribution of the Pd NPs were
investigated by TEM using H-7650 (Hitachi, Tokyo, Japan) operating at an acceleration
voltage of 100 kV. The samples were dispersed in ethanol with ultrasonication for 15 min,
then dropped onto a carbon-coated copper grid and naturally dried overnight.

XPS was used to investigate the chemical composition and the oxidation state of
individual elements. The spectra were recorded on Kratos AXIS Ultra DLD (Shimadzu,
Kyoto, Japan) equipped with an Al-Kα anode. Powder samples were loaded onto a sample
holder using double-sided adhesive copper tape. The survey spectrum was recorded with
a 1 eV step size and a pass energy of 80 eV. Narrow scans were recorded with a 0.1 eV
step size and a pass energy of 160 eV. The binding energies were calibrated using the C
1s peak of graphitic carbon at 284.6 eV. The sample powder was spread evenly on copper
tape and measurement positions were determined by adjusting the stage position to the
location where the C 1s peak of the sample exhibited the highest intensity. The spectra were
analyzed using XPSpeak 4.1 software, with baseline correction performed using the Shirley
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method. The elemental composition was calculated by the area ratio of the detected peaks.
Note that the Cu peak was not detected in any of the samples, ruling out the possibility that
the observed C and oxygen-containing functional group originated from the copper tape.

2.3. Electrode Preparation

Electrochemical measurements were performed with an electrochemical workstation,
HZ-7000, from Meiden Hokuto (Tokyo, Japan). The rotation speed was controlled with a
rotating electrode device, HR series HR-500, connected to the workstation. A three-electrode
cell was used, with a rotating disk electrode (RDE, diameter 5.0 mm and 0.196 cm2 surface
area) as the working electrode, an Ag/AgCl electrode (3.0 M KCl) as the reference, and
a graphite rod as the counter electrode. All the experiments were performed at room
temperature. Before the electrochemical measurements, the RDE working electrode was
polished with 0.3 μm Al2O3 to remove any deposited materials, followed by polishing with
0.05 μm Al2O3 to make a smooth surface. Then, it was sonicated in water for 30 s using
an ultrasonic bath to remove any deposited particles from the surface. A total of 10 mg of
catalyst powder was initially dispersed in a mixture containing 1.50 mL of H2O, Milli-Q
water (ultrapure water produced by a Milli-Q purification system, Millipore, Burlington,
MA, USA), 480 μL propanol, and 20 μL Nafion TM binder (5.0 wt%). The solution was
ultrasonicated with a bath sonicator for 45 min to attain a uniform dispersion, followed
by 5 min of probe sonication. Finally, 10 μL of the prepared ink was drop cast on the RDE
surface, covered with a vial, and naturally dried at room temperature. The catalyst loading
was set to 0.255 mg cm−2.

2.4. Electrochemical Measurements

Linear sweep voltammetry (LSV) polarization curves were measured using 0.5 M
H2SO4 as the electrolyte at a scan rate of 5 mV s−1 and with a rotation speed of 1600 rpm to
study the HER performance of the catalysts. During the measurement, the electrolyte was
continuously purged with nitrogen gas using a surface bubbler to prevent atmospheric oxy-
gen. The Tafel slope was obtained from the LSV polarization curve using the logarithmic
relationship between overpotential and current density. The double-layer capacitance (Cdl)
values were calculated by performing cyclic voltammetry (CV) at different scan rates rang-
ing between 10 and 100 mV s−1 in a non-Faradaic region and by plotting the Δj = (Ja − Jc)
vs. scan rate, where Ja and Jc are the current measured at the anodic and cathodic regions,
respectively. The electrochemical active surface area (ECSA) was calculated using the
following relationship [26],

ECSA = Geometrical Surface area × Cdl/Cs

where Cs is the specific capacitance value (40 μF cm−2) [27] and the geometric surface area
is 0.196 cm2.

During electrochemical measurements, the rotation of the working electrode and the
evolved bubbles can cause the coated catalyst to peel off. Therefore, the durability test
was performed on a 1 × 1 cm2 carbon paper substrate as the working electrode, where the
catalyst loading normalized concerning the electrode surface area remains consistent.

The potential specified in this work is referenced to the reversible hydrogen electrode (RHE).

E (vs. RHE) = E (vs. Ag/AgCl) + 0.059 × pH + 0.197 V

Electrochemical impedance spectroscopy (EIS) measurements were performed with
an electrochemical workstation, HZ-Pro S4, from Meiden Hokuto. The measurements were
carried out at an open circuit potential in a frequency range from 20 kHz to 0.01 Hz with an
AC amplitude of 10 mV. All the polarization curves shown are without i-R compensation.
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3. Results and Discussion

3.1. Structural Characterizations

All the GO and Pd/GO samples other than Pd/GO-graphite150 and their support were
already characterized in the previous publication [24] so their differences are only briefly
explained here. The IR and Raman spectra of the GO samples are shown in Figure 1a,b. The
GO samples prepared in-house (GO-GNP, GO-graphite45, and GO-graphite150) had in-
plane functional groups such as epoxy (C-O-C) and hydroxyl (C-OH), while GO-commercial
possessed a smaller number of in-plane functional groups but many aggregated cyclic esters.
GO-GNP was the most defective due to the presence of many edges and GO-commercial
was the least defective due to the largest lateral size of the sheets and the least in-plane
functionalization.

Figure 1. Characterization of the GO supports and the relevant Pd catalysts: (a) FT-IR and (b) Raman
spectra of the supports; (c) TEM images for the supported Pd catalysts in two different magnifications.
The particle size distribution of Pd NPs is shown on the right side of each image. The particle size
was determined by analyzing 200 randomly selected particles at fixed magnification using ImageJ
software [28]. The IR and Raman spectra as well as the TEM images for GO-GNP, GO-graphite45,
GO-commercial, and the relevant Pd catalysts are from our previous publication [24].

Figure 1c shows the TEM images of the prepared Pd/GO catalysts together with
the particle size distribution of Pd NPs calculated from the image. Pd/GO-GNP showed
the largest particle size (average diameter = 20.1 ± 8.6 nm) among the catalyst samples.
The reason for the smaller Pd NPs of Pd/GO-graphite45 (6.61 ± 2.2 nm) and Pd/GO-
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commercial (6.31 ± 2.5 nm) is probably the formation of Pd NPs between stacked GO
sheets. GO-GNP had almost no such space due to the severe exfoliation, which resulted in
the formation of significantly coarse Pd NPs.

The XPS elemental analysis results (Table 2) show that GO-GNP was less functional-
ized compared to the other GO supports as it exhibited ca. 3–4 wt% lower oxygen content.
This tendency is maintained even after Pd loading. The higher Pd loading of Pd/GO-GNP
and Pd/GO-commercial is attributed to the presence of rough Pd particles deposited on
the outer surface [24].

Table 2. Elemental composition determined by XPS.

C
(wt%)

O
(wt%)

Cl
(wt%)

Pd
(wt%)

GO-GNP a 65.5 34.5
GO-graphite45 a 61.4 38.6
GO-graphite150 55.9 44.1

GO-commercial a 62.1 37.9
Pd/GO-GNP a 49.7 25.1 8.6 16.7 (16.0/0.6) b

Pd/GO-graphite45 a 57.1 29.3 4.0 9.7 (8.9/0.7) b

Pd/GO-graphite150 45.8 39.6 3.33 11.3 (7.5/3.8) b

Pd/GO-commercial a 44.1 30.1 8.4 17.5 (15.7/1.7) b

a These data are from our previous publication [24]. b The content of Pd(0) and Pd(II) are shown in parentheses as
(Pd(0)/Pd(II)).

3.2. Electrochemical Performance

The HER performances of Pd/GO catalysts were evaluated using the LSV technique
with a 1600 rpm rotation speed. The catalytic current at 10 mA cm−2 was fixed as the
benchmark for comparing the performance of different catalysts. Among all the catalysts,
Pd/GO-GNP showed the best catalytic performance for HER with a lower overpotential
(143 mV@10mA cm−2) than the others, Figure 2a. The activity trend followed in the
order of Pd/GO-GNP > Pd/GO-graphite45 > Pd/GO-graphite150 > Pd/GO-commercial.
Control experiments were performed using GOs without the Pd loading under identical
conditions (Figure S1). The resultant LSV curves confirmed that no significant activity was
brought by GO alone, suggesting that GO itself is less conductive. The improved activity
may arise from the combined benefits of Pd NPs and GO support. It can be anticipated
that when supported on GO, Pd/GO catalysts exhibit enhanced catalytic performance
because of better Pd dispersion and electronic interactions with GO and by offering high
surface-to-volume ratios, with an increased number of catalytic sites available for reactions.

The Tafel slopes obtained from the polarization curves were used to analyze the
intrinsic nature of the catalysts. The Pd/GO-GNP had a lower Tafel value (147 mV dec−1)
compared to Pd/GO-graphite45 (162 mV dec−1) and Pd/GO-graphite150 (200 mV dec−1),
which indicates its faster HER kinetics, Figure 2b. This, in turn, suggests that electron
transfer is more facilitated in Pd/GO-GNP than in other catalysts. Note: The Tafel slope
specifically measures the rate-determining step’s sensitivity to the overpotential and not
the overall activity or current density. The Pd/GO commercial catalyst has a low Tafel
slope with a lower current density, indicating less overall H2 production despite favorable
reaction kinetics. This may be accounted for by its limited number of exposed active
sites. Compared to other forms of GO, GO-GNP generally contains fewer in-plane defects,
thereby retaining higher structural integrity, allowing the electron pathways to remain less
disrupted and electron transfer to occur more smoothly and efficiently across the material.
One possibility is that the interactions between Pd NPs and the GNP surface create an
electronically favorable environment, modifying the electronic structure of Pd and thus
enhancing its catalytic property to facilitate faster electron transfer. To validate this claim,
the EIS technique was used to probe the interfacial electron transfer kinetics of the catalysts.
The impedance spectra were represented in a Nyquist plot, Figure S2a, and fitted with a
Randles circuit, R(QR), shown schematically in Figure S2b. The elements used for fitting
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and its summarized results are tabulated in Table S1. The solution resistance (Rs) remains
the same for all the catalysts. The charge transfer resistance (Rct) can be easily visualized in
Figure S2a. The smaller the semicircle, the smaller the Rct, and the higher the charge transfer.
In other words, Rct is inversely proportional to the current density. Pd/GO-GNP exhibited
the lowest Rct value, confirming the highest conductivity among the tested catalysts. The
results are thus consistent with the Tafel plot. The larger particle size of GO and stacking of
GO sheets together hinder the electron transfer process in all the Pd-loaded GO catalysts
except for Pd/GO-GNP.

Figure 2. Electrocatalytic activity of synthesized catalysts: (a) HER polarization curves measured in
0.5 M H2SO4 at 1600 rpm rotation, its corresponding (b) Tafel plots, (c) Cdl plot obtained from the
CV (Figure S3), (d) durability test: polarization curves obtained before and after 1000 CV cycles at
5 mV s−1 scan rate.

The Cdl was determined to shed deeper insight into improved performance, giv-
ing better knowledge about electrochemically active sites of samples. Figure 2c shows
the Cdl values obtained by performing CV at various scan rates (Figure S3). Among
them, Pd/GO-GNP had the largest Cdl value of 17.51 mF cm−2 compared with Pd/GO-
commercial (0.21 mF cm−2), Pd/GO-graphite45 (6.74 mF cm−2), and Pd/GO-graphite150
(2.71 mF cm−2). Since electrochemical surface area (ECSA) is proportional to the Cdl values,
the ECSA values were calculated and are displayed in Table S2. In general, the presence
of functional groups on GO can facilitate the uniform dispersion and anchoring of Pd
NPs with many accessible active sites for catalytic reaction by acting as nucleation sites. It
should be highlighted that Pd loading on Pd/GO-GNP, as evidenced by the TEM image,
is onto the surface of GO-GNPs, unlike any other type of GO material wherein Pd NPs
are stacked between the layers. In addition, the size of the GO-GNP is noteworthy as it is
smaller—but higher in surface area—compared to other GOs, making it more accessible for
electrochemical reactions. Since the surface topology can influence the HER performance,
the obtained LSV results were normalized by the ECSA value to determine the actual source
of activity. The obtained ECSA-normalized HER plot (Figure S4) revealed that the HER
activity trend is different while normalized with ECSA values. The HER activity followed
the order: Pd/GO-commercial > Pd/GO-graphite150 > Pd/GO-GNP > Pd/GO-graphite45.
These observations support the fact that the electrochemical activity obtained is mainly due
to the enhanced electrochemical surface area of the catalyst, for which one cannot rule out
the role of functional groups that indirectly contribute to achieving a high electrochemical
surface area.
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Summarizing all the electrochemical measurements, it is reasonable to conclude that
poorer functionality generates faster charge transfer kinetics; however, to validate this
hypothesis, we further expanded our studies to evaluate the electrochemical performance
of two types of GO-GNP, i.e., Pd/GNP and Pd@GOF-GNP. The extent of functionalization in
GOF is usually higher than in GO due to the introduction of cross-linkers or other functional
groups, providing a porous or extended network. As expected from the electrochemical
HER results (Figure S5), a better activity of Pd/GO-GNP compared to Pd/GNP and
Pd@GOF-GNP is determined. Although Pd@GOF-GNP has well-dispersed Pd NPs, their
confinement between the GO layers makes it less accessible for the catalytic reaction. This
is further evident from the obtained Cdl values displayed in Figure S6. The lower Cdl
value of Pd@GOF-GNP compared to Pd@GO-GNP could be attributed to its fewer exposed
electrochemically active sites. CV measurements (Figure S7) were performed to identify
the distinct role of Pd NPs. The palladium peak at +0.1 V vs. RHE reflects that Pd/GO-
GNP has more exposed active sites than Pd/GO-graphite45 and other catalysts. This
finding correlates well with the TEM results. Altogether, it could be concluded that the
Pd NPs’ distribution on or in between the GO layers has a critical role in determining
HER performance, suggesting that tailoring the functional groups for more exposure to the
active surface might show better electrochemical performance.

Stability is an important criterion when proposing an electrocatalyst for practical
applications. To analyze it, the HER polarization curves were measured before and after
1000 CV cycles. Figure 2d shows the HER polarization curves of Pd/GO-GNP measured
before the 1st CV cycle (solid line) and after (dotted line) the 1000th CV cycle. The result
reveals only an increase of 13 mV in overpotential, which implies reasonable stability. Such
activity loss could be related to bubble formation that may lead to the catalyst leaching
during the HER process. To rule this out, the catalyst with the same catalyst loading was
coated on carbon paper, and the stability test was carried out. Figure S8 shows almost no
change in the polarization curve, thus confirming excellent durability. The interaction of
the Pd NPs with GO’s functional groups prevents their sintering or aggregation during
catalytic reactions, therefore remaining at a high surface area over time. No characteristic
changes were observed in Pd NPs, which were further corroborated by the TEM images
shown in Figure 3, displaying Pd/GO-GNP as a better electrocatalyst. XRD analyses were
performed before and after the chronoamperometry test, Figure S9a–c. The results reveal
that a negative shift is observed in the Pd peaks, suggesting the formation of Pd-hydride
species [29,30].

Figure 3. TEM images for the Pd/GO-GNP catalysts (a) before and (b) after 1000 CV cycles.
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4. Conclusions

In summary, we state the critical role of functional groups and other structural features
of graphitic-material-supported catalysts—Pd/GO—in electrochemical HER performance.
Some key findings of this study are summarized as follows: 1. GO support in-plane
functionalities have a significant role in Pd dispersion and anchoring. While the surfaces
of Pd NPs are exposed on the lower-functionality GO-GNP support, for other GOs—
although Pd NPs are small and homogeneous—the Pd NPs are entrapped between the
layers, making them less accessible. 2. Apparently, the lateral dimensions of GO are very
important in deciding its catalytic performance. While small GO/GNP sheets form a
well-connected network with a high electrochemically active surface area for fast electron
transfer, larger sheets in GO-graphite45 and GO-graphite150 hinder this. The Pd/GO-GNP,
having the highest activity of 143 mV@10mA cm−2, benefits primarily from the higher
electrochemical surface area together with optimal particle size, less in-plane functionalities,
and defect density, which ultimately contributes to achieving it. The present work outlines
the possibility of using GO supports in the rational design of HER electrocatalysts by
tailoring their physiochemical properties.

Supplementary Materials: The following supporting information can be downloaded at: https://www.
mdpi.com/article/10.3390/ma17215296/s1. Electrochemical measurements such as LSV, Nyquist
plot, Cdl, CV measurements, and stability test are given in Figure S1 to S9 along with Table S1,
showing the EIS results, and Table S2 displaying the ECSA values derived from Cdl.
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