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Preface

The rapid evolution of metal powder-based additive manufacturing (AM) presents unprecedented

opportunities for materials innovation and sustainable manufacturing. As Guest Editors of this Special

Issue Reprint, we are privileged to present this curated collection of pioneering research that addresses

both the scientific complexities and engineering challenges inherent to this transformative field. Our

motivation stemmed from the urgent need to consolidate emerging knowledge on AM-compatible

material systems while fostering interdisciplinary dialog between process engineers, metallurgists,

and industrial practitioners.

This Reprint comprises several rigorously peer-reviewed contributions that collectively advance

our understanding of microstructure control, alloy design strategies, and process–property

relationships in powder-based AM. The works span fundamental investigations into thermal gradient

effects during layer-wise fabrication, computational modeling of defect evolution, and innovative

approaches for multi-material integration. Particular attention is given to overcoming the limitations

of conventional materials in AM environments, with several studies proposing novel high-entropy

alloys and refractory metal processing techniques.

We extend our deepest gratitude to the international cohort of authors—researchers from

academia, national laboratories, and industry—whose expertise illuminates diverse aspects of AM

development. Their contributions not only validate new characterization methodologies but also

establish practical frameworks for quality assurance in critical applications. The Reprint is particularly

relevant for materials scientists working on phase-transformation mechanisms, engineers optimizing

post-processing protocols, and policymakers shaping standards for AM industrialization.

We also appreciate the Editorial team at Materials for their professional support throughout the

publication process. To early-career researchers entering this dynamic field, we hope this Reprint

serves as both an educational resource and an inspiration to tackle unresolved challenges in process

scalability and material recyclability.

Hong Wu, Yingtao Tian, and Alberto Orozco Caballero

Guest Editors

vii
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Recent Advances in Metal Powder-Based Additive
Manufacturing
Hong Wu 1,*, Yaojia Ren 1, Yingtao Tian 2 and Alberto Orozco Caballero 3

1 State Key Laboratory of Powder Metallurgy, Central South University, Changsha 410083, China
2 Department of Engineering, Lancaster University, Lancaster LA1 4YW, UK
3 Department of Mechanical Engineering, Chemistry and Industrial Design, Universidad Politécnica de

Madrid, Ronda de Valencia, 3, 28012 Madrid, Spain
* Correspondence: hwucsu@csu.edu.cn

Over the past two decades, laser additive manufacturing technology has evolved
rapidly and has been applied in many industrial sectors. However, traditional manufactur-
ing methods such as casting, forging, rolling, and welding are still prevalent around the
world [1]. To meet the demand for lightweight and personalized applications in aerospace
and biomedical fields, the use of laser powder bed fusion (LPBF) is proliferating and is
expected to maintain a high growth rate in the next ten years.

Significant technical advances have been made in the field of metal powder-based
additive manufacturing, and a range of high-performance materials have been successfully
developed [2,3]. However, the poor printability and unacceptable metallurgical defects
are still the primary concerns that limit the adoption of most alloys in the laser-powder
bed-fusion process [4]. Therefore, it is essential to re-design the alloy compositions and
make them suitable for LPBF which requires a comprehensive understanding of the impact
of complex thermal cycles to the microstructure and properties of the materials. In addition,
LPBF offers a superior work-hardening effect to the materials, which gives them a chance
to overcome the classical strength-ductility trade-off [5]. This also includes the potential
effects and consequences of post-treatment on the microstructure and properties. High
internal stresses in as-built specimens are inevitable due to the extremely high cooling rates.
This may lead to premature material failure when long service periods are required. Fur-
thermore, understanding the hierarchical heterostructure evolution and the corresponding
property changes during post-treatment is of great significance for the development of
high-strength materials.

The current Special Issue entitled “Recent Advances in Metal Powder-Based Additive
Manufacturing” collects the recent research outcomes addressing the main challenges
and aiming to provide possible solutions that may revolutionize the metal powder-based
additive manufacturing technology and its applications. It is believed that this Special
Issue will provide an innovation platform for researchers in this area to communicate and
disseminate their most recent ideas and achievements which will facilitate and support
scientists and engineers to continuously make contributions to the field.

Conflicts of Interest: The authors declare no conflict of interest.
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Microstructure and Mechanical Properties of As-Built
Ti-6Al-4V and Ti-6Al-7Nb Alloys Produced by Selective Laser
Melting Technology
Dorota Laskowska *, Błażej Bałasz and Wojciech Zawadka

Faculty of Mechanical Engineering and Energy, Koszalin University of Technology, Śniadeckich 2,
75-453 Koszalin, Poland; blazej.balasz@tu.koszalin.pl (B.B.); wojciech.zawadka@tu.koszalin.pl (W.Z.)
* Correspondence: dorota.laskowska@tu.koszalin.pl

Abstract: Additive manufacturing from metal powders using selective laser melting technology is
gaining increasing interest in various industries. The purpose of this study was to determine the
effect of changes in process parameter values on the relative density, microstructure and mechanical
properties of Ti-6Al-4V and Ti-6Al-7Nb alloy samples. The experiment was conducted in response to
a noticeable gap in the research on the manufacturability of the Ti-6Al-7Nb alloy in SLM technology.
This topic is significant given the growing interest in this alloy for biomedical applications. The results
of this study indicate that by properly selecting the volumetric energy density (VED), the relative
density of the material produced and the surface roughness of the components can be effectively
influenced. Microstructural analyses revealed similar patterns in both alloys manufactured under
similar conditions, characterized by columnar β phase grains with needle-like α’ phases. Increasing
the VED increased the tensile strength of the fabricated Ti-6Al-4V alloy components, while the
opposite effect was observed for components fabricated from Ti-6Al-7Nb alloy. At the same time,
Ti-6Al-7Nb alloy parts featured higher elongation values, which is desirable from the perspective of
biomedical applications.

Keywords: additive manufacturing; selective laser melting; Ti-6Al-4V; Ti-6Al-7Nb; relative density;
microstructure; mechanical properties; biomedical applications

1. Introduction

High strength-to-weight ratios characterize titanium and its alloys for a vast range of
operating temperature variations and high corrosion resistance in many chemical environ-
ments [1–3]. These properties create many opportunities for applications of components
manufactured from titanium-based alloys, including aerospace, automotive, chemical and,
most importantly, biomedical engineering. Ti-6Al-4V is the most widely used alloy for
long-lasting and load-bearing bone implants in biomedical applications. Many studies
highlight its high biocompatibility, although this is increasingly questioned due to the pres-
ence of vanadium [4,5]. To solve this issue, vanadium-free titanium alloys, like Ti-6Al-7Nb,
were developed.

Titanium and its alloys belong to a group of materials defined as hard to machine.
The challenges associated with traditional machining methods, such as milling, casting,
forging or rolling, increase production costs and make manufactured parts more expensive
compared to those from Fe-based alloys or Co-Cr-Mo alloys. These problems have been
partially solved by additive manufacturing.

The American Society for Testing Materials (ASTM) has introduced a definition of
additive manufacturing (AM) as the process of joining successive layers of material (e.g.,
powder) based on a 3D model of production parts [6,7]. An important advantage of additive
manufacturing, especially in the case of biomedical applications, is customization. AM
allows for the production of medical implants tailored to specific patient requirements [8].

Materials 2024, 17, 4604. https://doi.org/10.3390/ma17184604 https://www.mdpi.com/journal/materials3
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Although Ti alloys show a lower elastic modulus compared to other implant materials
(e.g., Co-Cr-Mo), it is higher than the elastic modulus for the bone tissue being replaced,
which can lead to the so-called stress-shielding phenomenon [9,10]. The characteristics
of AM processes make it possible to fabricate components with complex geometry and
spatial porosity (designed based on TPMS topology) and to define the directionality of
mechanical properties, designing so-called architectural materials [11–14]. As studies show,
this approach allows us to reduce the stiffness of the fabricated implant, thus reducing the
risk of stress shielding [15].

Additive manufacturing has drawbacks that limit its application in large-scale and
mass production. The most significant issues include: a reduction in mechanical properties
due to internal porosity [16]; the anisotropy of mechanical properties of the produced
components [17,18]; the dependence of precision and quality on various, often interrelated
or mutually exclusive factors, such as the properties of the construction material or pro-
cess parameters, and the necessity of post-processing to improve dimensional and shape
accuracy, mechanical properties, or surface quality [19].

A widely used process for the additive manufacturing of titanium and its alloys is
selective laser melting (SLM). In this technology, a laser is used as a source of thermal
energy to melt and fuse a specific volume of powder [20]. The process is carried out in a
protective gas atmosphere to prevent the oxidation of the molten material. The laser beam
induces only part of the generation of the heat energy which is absorbed by the powder
grains, while the rest of the laser beam is reflected without affecting the melting process.
The local generation of thermal energy results in the formation of a molten metal pool, in
which phenomena such as conduction melting [21,22], keyhole melting [23], Marangoni
convection [24–26], alloying element segregation [19], evaporation and spattering [27] take
place. The occurrence and intensity of the above-mentioned phenomena depend mainly
on the volumetric energy density, but also on the conditions in the working chamber (i.e.,
the residual oxygen content, the temperature of the working platform, or the temperature
inside the chamber).

The state of the art on the effect of microstructure on the mechanical properties of addi-
tively manufactured Ti-4Al-6V alloy components using SLM technology is readily available
thanks to the research results published in numerous publications [28–31]. However,
research on the Ti-6Al-7Nb alloy has been conducted to a much lesser extent.

Chlebus et al. [32] found that the Ti-6Al-7Nb alloy produced by SLM technology has a
microstructure of columnar grains of primary β phase with long, thin α’ martensite plates.
This results in higher tensile and compressive strength but lower ductility compared to
the alloy produced by conventional methods. In addition, it was pointed out that the
microstructure of the alloy produced by SLM technology depends not only on the process
parameters but also on the spatial orientation of the manufactured object relative to the
build platform. Similar conclusions were reached by a team led by Xu et al. [33], who
investigated the effect of microstructure on the properties of Ti-6Al-7Nb and Ti-6Al-4V
alloys. In their research, the team added a heat treatment process to the Ti-6Al-7Nb alloy.
This reduced the tensile strength and hardness while increasing the elongation of the alloy.
This would undoubtedly have a positive impact on the use of Ti-6Al-7Nb alloy in the
production of medical implants. The referenced studies on the production of the Ti-6Al-
7Nb alloy did not account for the variability in manufacturing parameters—the alloy was
produced using a single strategy. From the perspective of applying SLM technology to
manufacture Ti-6Al-7Nb components for biomedical applications, it seems appropriate to
adopt a more comprehensive approach.

Therefore, the purpose of this study, the results of which are presented in this article,
was to determine the effect of process parameters (scanning speed and laser power) and
thus the variation of the volumetric energy density on the relative density, microstructure,
and mechanical properties of samples made of the Ti-6Al-4V and Ti-6Al-7Nb alloys. A
comparison was made between the quality and properties of samples produced using
the same manufacturing strategies for the materials under investigation. The aim was

4



Materials 2024, 17, 4604

to identify the optimal (within the studied range) manufacturing strategy. The primary
criterion for selecting the values of the process parameters was to maximize the relative
density while minimizing the surface roughness, under the assumption that improvements
in mechanical properties can be achieved by subsequent heat treatment. The described
studies serve as a starting point (preliminary research) for the subsequent research stages,
which will involve developing guidelines for heat treatment of the Ti-6Al-7Nb alloy to
improve its mechanical properties, as well as guidelines for post-processing to reduce
surface roughness.

2. Materials and Methods
2.1. Powders’ Characterization

The samples were fabricated from commercial Ti-6Al-4V powder (3D Systems, Rock
Hill, SC, USA) and Ti-6Al-7Nb powder (SLM Solution Group Ag, Lubeka, Germany). The
chemical composition of the powders is shown in Table 1. Scanning electron microscope
images (Figures 1A and 2A) show spherical grain morphology with satellite characteristics
for powders produced by gas atomization technology. The particle size distribution of the
powder (Figures 1B and 2B) was determined using an ANALYSETTE 22 MicroTec Plus
laser particle size analyzer (Fritsch GmbH, Amberg, Germany) and presented according to
PN-ISO 9276-1 [34].

Table 1. Chemical compositions of Ti-6Al-4V and Ti-6Al-7Nb powders (wt. %).

Powder Ti Al V Nb Fe O C N H

Ti-6Al-4V Balance 6.00 4.00 - ≤0.25 ≤0.13 ≤0.08 ≤0.03 ≤0.012
Ti-6Al-7Nb Balance 6.05 - 7.1 0.15 0.08 0.015 0.016 0.001
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2.2. Samples Fabrication

The samples were fabricated on an ORLAS CREATOR® selective laser melting system
(O. R. Lasertechnologie GmbH, Dieburg, Germany) with a Ytterbium fiber laser, with beam

5



Materials 2024, 17, 4604

spot size 40 µm, a maximum power of 250 W and a wavelength of 1070 nm. The protective
atmosphere of the working chamber was provided by the use of argon gas, which allowed
the process to be performed at residual oxygen levels below 0.1%.

Volumetric energy density (EV) is regarded as a key metric for evaluating the complex
parameters involved in selective laser melting technology, and is defined by the following
equation [35,36]:

EV= P/(v·h·t), (1)

where P—laser power [W], v—scan speed [mm/s], h—hatch distance [mm], and t—layer
thickness [mm]. In this work, the combination of values of individual parameters was
chosen so that the volumetric energy density was in the range of 55–70 J/mm3. In this way,
9 manufacturing strategies were developed (Table 2).

Table 2. Manufacturing strategies for Ti-6Al-4V and Ti-6Al-7Nb.

Manufacturing
Strategy Symbol

Parameters

P [W] v [mm/s] h [mm] t [mm] Ev [J/mm3]

S0

216

1200

0.1 0.03

60
S1 1430 50
S2 1300 55
S3 1100 65
S4 1030 70
S5 180

1200

50
S6 199 55
S7 233 65
S8 250 70

For each manufacturing strategy, 3 cubic samples (with dimensions of 10 × 10 × 10 mm)
and 5 tensile samples (dimensions defined by PN-EN ISO 6892-1:2020-05 [37]) were pro-
duced. Post-manufacturing sample preparation included mechanically removing supports
and ultrasonically cleaning the samples in distilled water for 10 min.

2.3. Relative Density

The relative density of the manufactured samples was measured using a Mettler Toledo
XS105 hydrostatic balance (Mettler Toledo, Columbus, OH, USA). Three measurements were
made for each sample, resulting in nine measurements for each manufacturing strategy.

2.4. Surface Morphology

The surface morphology was analyzed using a PHENOM PRO scanning electron
microscope (Thermo Fisher Inc., Waltham, MA, USA), with magnification in the range of
160–350,000× and a resolution of ×6 nm. Images of the top surface in the build state were
captured for a randomly selected sample from each batch.

2.5. Surface Topography and Roughness

Surface topography was analyzed using the Olympus LEXT OLS4000 confocal micro-
scope (Olympus, Shinjuku, Tokyo, Japan) for the upper surface of each fabricated specimen.
The data acquisition area was set to 3 × 3 mm. Surface topography images were analyzed
using TalyMap Platinum v7.4. software (Taylor Hobson, Leicester, UK). The data were
filtered using a Gaussian filter with a length of 0.8 mm. The features of the additively
manufactured surfaces were evaluated using the parameters of arithmetic mean height
(Sa) and maximum height (Sz) (according to ISO 25178-2:2021 [38]), which are the most
frequently used when assessing this type of surface [39,40].

6
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2.6. Microstructure and Structural Defects

The structural defects analysis was conducted using the optical microscope NIKON
MA200 (Nikon, Minato, Tokyo, Japan) on resin-embedded vertical cross-sections of ran-
domly selected samples from each series. The samples were cut using a water-cooled
diamond blade to prevent the sample’s overheating. The obtained cross-sections were
embedded in epoxy resin DuroFast (Struers, Copenhagen, Denmark), giving them a shape
suitable for further preparation using the LaboPol-30 grinder–polisher equipped with a
semi-automatic LaboForce-100 head (Struers, Copenhagen, Denmark). The preparation
was carried out according to the recommendations [41]. The evaluation of the grinding and
polishing process was conducted using the optical microscope NIKON MA200 (Nikon, Mi-
nato, Tokyo, Japan). The metallographic specimens were cleaned using automatic cleaning
Lavamin (Struers, Copenhagen, Denmark).

The microstructure characterization was carried out on etched surfaces of metallo-
graphic specimens using the optical microscope NIKON MA200. Etching was performed
for 15 s with the Kroll’s reagent (Chempur, Piekary Slaskie, Poland).

The identification of phases was performed on metallographic specimens using an
Empyrean X-ray diffractometer (Malvern Panalytical Ltd., Malvern, UK) with Cu-Kα

(λ = 1.5406 Å) source. The study was conducted using Bragg–Brentano geometry within
the 2θ angle range of 30–100◦.

2.7. Microhardness Tests

The microhardness tests were conducted using the FISCHERSCOPE HM2000 mi-
crohardness tester (Helmut Fischer GmbH, Sindelfingen, Germany) with a test load of
F = 0.05 N. The cross-sections of randomly selected specimens were embedded in resin,
and the surfaces to be measured were prepared according to the methodology presented.
To analyze local hardness values, measurements were carried out for 5 areas of the cross-
section. For each area, 4 measurement points were determined, approximately 150 µm
apart, as shown in Figure 3.
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(1,2,3,4 and 5-number of the area where the measurement was taken).

2.8. Uniaxial Tensile Tests

Uniaxial tensile tests were carried out on a Zwick Z400E testing machine with a
macroXtens extensometer (ZwickRoell GmbH, Ulm, Germany) at ambient temperature
in accordance with PN-EN ISO 6892-1:2020-05 [37]. The tests were performed for five
specimens in each series. The values of tensile strength (Rm), yield strength (Rp0.2), and
elastic modulus (E) were determined from stress–strain curves using the testXpert III v1.4
software (ZwickRoell GmbH, Ulm, Germany).
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3. Results and Discussion
3.1. Relative Density and Structural Defects

The results of relative density measurements of samples made from Ti-6Al-4V and
Ti-6Al-7Nb powders are shown in Table 3. For the Ti-6Al-4V alloy, the highest relative
density value of 4.360 g/cm3 (98.42%) was obtained, and for the Ti-6Al-7Nb alloy the value
was 4.485 g/cm3 (99.44%). In both cases, the highest relative density was observed for
manufacturing strategy S8 (P = 250 W, v = 1200 mm/s, E = 70 J/mm3).

Table 3. Relative density of Ti-6Al-4V and Ti-6Al- 7Nb fabricated by SLM.

Manufacturing
Strategy
Symbol

Ti-6Al-4V Ti-6Al-7Nb

ρAVR [g/cm3] ρAVR [%] ρAVR [g/cm3] ρAVR [%]

S0 4.254 ± 0.03 96.04 4.411 ± 0.03 97.80
S1 4.166 ± 0.01 94.04 4.332 ± 0.03 96.06
S2 4.282 ± 0.04 96.66 4.430 ± 0.02 98.23
S3 4.336 ± 0.02 97.88 4.462 ± 0.02 98.95
S4 4.322 ± 0.03 97.55 4.456 ± 0.02 98.79
S5 4.161 ± 0.06 93.93 4.318 ± 0.05 95.75
S6 4.225 ± 0.02 95.38 4.405 ± 0.02 97.67
S7 4.213 ± 0.03 95.10 4.375 ± 0.02 97.00
S8 4.360 ± 0.01 98.42 4.485 ± 0.01 99.44

where the values, as 100% of the material density, are 4.43 g/cm3 for Ti-6Al-4V alloy and 4.51 g/cm3 for Ti-6Al-
7Nb alloy.

It was found that it was possible to increase the relative density of the material by
increasing the volumetric energy density (Figure 4). However, for the same laser energy
densities, but for different combinations of scanning speed and laser power, different mate-
rial relative density values were obtained. An analysis of the effect of selected parameters
shows that increasing the laser power in combination with a constant scan speed increases
the relative density of the material (Figure 5A). Increasing the scan speed while keeping
the laser power constant decreases the relative density of the material (Figure 5B).
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The porosity of a material’s internal structure is a determinant of the relative density.
Figures 6 and 7 show a mosaic of metallographic images for the vertical cross-section
of samples with the lowest (S5) and highest (S8) relative densities for the Ti-6Al-4V and
Ti-6Al-7Nb alloys. In the samples with the lowest relative density, pores with irregular
and elongated shapes were observed, which can be classified as “lack-of-fusion” defects.
The pores are arranged according to the direction of layer formation, and partially fused
powder grains can be observed in some of them.
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Figure 6. Mosaics of vertical cross-section of Ti-6Al-4V and Ti-6Al-7Nb samples with the lowest (S5)
value of relative density.

The cause of this type of defects is, among other things, a volumetric energy density
that is too low during the process. When the process is conducted with insufficient energy
density, poor penetration of the molten metal pool occurs, leading to the incomplete melting
of the material. Some unmelted powder grains may become trapped inside the pores.
Bustillos et al. [42] demonstrated that a high scanning speed combined with insufficient
laser power promotes the formation of “lack-of-fusion” defects. The studies by Liverani
et al. [43] for 316 L stainless steel and by Aboulkhair et al. [44] on the AlSi10Mg alloy show
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that this relationship is an inherent characteristic of the SLM technology, independent of
the construction material.
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value of relative density.

3.2. Surface

Figure 8 presents images of the topography of the upper surface of a sample randomly
selected from each series for Ti-6Al-4V and Ti-6Al-7Nb alloys. Differences in roughness
parameter values were observed for samples produced using the same manufacturing
strategy, which is related to the variable orientation of the position. This is further evidence
of the importance of considering the spatial orientation of individual planes in the context
of their surface quality.

Table 4 shows the evaluation of surface roughness based on the values of Sa and
Sz parameters (averages of three measurements). A reduction in surface roughness was
obtained as the results of an increase in the value of volumetric energy density (Figure 9).
The lowest average value of the Sa was observed for strategy S8. This was, respectively,
10.0 ± 3.6 µm for the Ti-6Al-4V alloy and 8.8 ± 2.0 µm for the Ti-6Al-7Nb alloy.

Table 4. Sa and Sz values for the upper surfaces of Ti-6Al-4V and Ti-6Al-7Nb samples.

Manufacturing
Strategy
Symbol

Ti-6Al-4V Ti-6Al-7Nb

Sa [µm] Sz [µm] Sa [µm] Sz [µm]

S0 14.3 ± 4.5 267 ± 50 16.6 ± 2.3 290 ± 25
S1 24.0 ± 3.3 350 ± 13 22.3 ± 4.4 282 ± 28
S2 13.0 ± 4.9 303 ± 61 13.0 ± 1.6 197 ± 22
S3 10.9 ± 3.2 244 ± 36 11.4 ± 2.2 209 ± 7
S4 12.7 ± 1.8 244 ±19 12.8 ± 2.2 238 ± 18
S5 26.2 ± 5.2 311 ± 52 22.5 ± 5.4 306 ± 78
S6 20.4 ± 5.2 315 ± 24 13.3 ± 1.5 253 ± 16
S7 17.4 ± 2.0 256 ± 32 20.1 ± 4.1 356 ± 41
S8 10.0 ± 3.6 184 ± 45 8.8 ± 2.0 187 ± 31
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Figure 8. Topography of the top surface of randomly selected Ti-6Al-4V and Ti-6Al-7Nb samples.

The study showed a correlation of roughness with the values of laser power and
scanning speed. A decrease in roughness is achieved by increasing the laser power without
changing the scanning speed (Figure 10A), while an increase in roughness occurs when the
laser power is held constant and the scanning speed is increased (Figure 10B).
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Figure 10. Surface roughness defined by the parameter Sa depending on: (A) laser power; (B) scan-
ning speed for the Ti-6Al-4V and Ti-6Al-7Nb alloys.

Figure 11 shows the SEM images of the top surfaces of samples with the highest (S5)
and lowest (S8) surface roughness for the Ti-6Al-4V and Ti-6Al-7Nb alloys.

The moving heat source (laser) creates unique marks on the top surface, known as
laser welds. The welds exhibit characteristic ripples, which are the result of Marangoni con-
vection [45]. Defects typical of SLM-manufactured surfaces were observed [46], including
defects related to the so-called balling effect and the lack of complete melting of the powder.
The occurrence of such defects may be related to the spatter effect and thermal diffusion.
The movement of unmelted powder grains is caused by forces resulting from the surface
tension gradient of the molten material. The high temperature of the melt pool causes the
grains to partially melt, and when they cool, they settle at the edge of the pool [35,45]. The
defects associated with the balling effect are larger and irregular in shape compared to
agglomerates of unmelted or partially melted powder grains. The presence of the described
defects depends on the process parameters, and their incidence increases with increasing
volumetric energy density.
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Figure 11. SEM morphology of the top surface of the Ti-6Al-4V and Ti-6Al-7Nb samples with the
highest (S5) and the lowest (S8) value of surface roughness.

Increasing the surface roughness also affects the value of the determined relative
density of the manufactured parts. Surface defects are not limited only to the top surface;
they can also be observed on intermediate layers. Defects on the solidified surface of the
intermediate layer can affect the distribution and thickness of the new powder layer. In
such a situation, the delivered laser energy density may be insufficient to fully melt the
material. Consequently, structural defects of the “lack-of-fusion” type may occur or be
enlarged [19,27].
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3.3. Microhardness

The results of the microhardness measurements of different areas of randomly selected
samples made of the Ti-6Al-4V and Ti-6Al-7Nb alloy are shown in Table 5 (which occurred
according to the scheme presented in Figure 3).

Table 5. Microhardness of Ti-6Al-4V and Ti-6Al-7Nb samples.

Manufacturing
Strategy Symbol

HV0.05

OB1 OB2 OB3 OB4 OB5

Ti-6Al-4V
S0 438 ± 11 426 ± 7 449 ± 4 415 ± 10 410 ± 14
S1 423 ± 8 414 ± 6 454 ± 17 418 ± 36 427 ± 8
S2 446 ± 16 424 ± 10 420 ± 5 416 ± 30 419 ± 5
S3 436 ± 4 419 ± 9 441 ± 13 436 ± 8 416 ± 4
S4 427 ± 20 418 ± 13 429 ± 9 438 ± 4 433 ± 7
S5 422 ± 10 420 ± 5 421 ± 9 411 ± 9 412 ± 13
S6 421 ± 3 424 ± 11 413 ± 8 405 ± 12 418 ± 6
S7 435 ± 6 414 ± 13 428 ± 13 426 ± 8 407 ± 26
S8 420 ± 6 411 ± 12 413 ± 18 408 ± 25 408 ± 5

Ti-6Al-7Nb
S0 420 ± 7 423 ± 11 428 ± 8 448 ± 6 419 ± 5
S1 402 ± 7 406 ± 10 430 ± 35 436 ± 4 395 ± 5
S2 418 ± 7 433 ± 14 406 ± 12 430 ± 5 405 ±4
S3 431 ± 7 420 ± 32 435 ± 9 433 ±8 421 ± 14
S4 442 ± 5 436 ± 11 422 ± 10 435 ± 13 398 ± 3
S5 424 ± 12 416 ± 10 428 ± 8 423 ± 8 392 ± 11
S6 416 ± 9 410 ±5 349 ± 12 424 ± 8 393 ± 6
S7 407 ± 10 435 ± 8 390 ± 10 432 ± 2 404 ± 6
S8 394 ± 9 403 ± 12 386 ± 4 380 ± 11 383 ± 1

Due to the rapid heating, melting and cooling, the various fragments of components
manufactured using SLM technology are subjected to multiple heating and cooling cycles,
which affects their local structure and properties [36]. This helps in differentiating the
microhardness of individual areas. It was observed that areas near the edges of the section
(OB1–OB4) show higher hardness than the core area (OB5). For two-phase titanium alloys,
including Ti-6Al-4V and Ti-6Al-7Nb, the hardness depends on the volume ratio of the
β phase to the α (martensitic) phase [47]. On this basis, it can be assumed that there is
segregation and concentration of the α phase at the edges of the samples.

The data presented in Table 5 are also presented graphically (Figure 12). In the case of
the Ti-6Al-4V alloy, increasing the volumetric energy density resulted in a decrease in the
hardness of the core region from 407 HV to 433 HV. Similar conclusions can be found in
the work of Zhao et al. [36], although the values they obtained were lower, ranging from
371 HV to 384 HV. In the case of the Ti-6Al-7Nb alloy, the change in volumetric energy
density initially resulted in an increase in the hardness of the core region; a significant
decrease occurred after the exceedance of 65 J/mm3. The average core microhardness of
Ti-6Al-7Nb ranged from 383 HV to 421 HV. These values are similar to those obtained by
Chlebus et al. [32] (357 ± 18 HV) and Xu et al. [33] (371 ± 8 HV).

The change in scanning speed or laser power resulted in a change in the thermody-
namic conditions within the melting pool. For the Ti-6Al-4V alloy, increasing the laser
power did not lead to significant changes in microhardness—the measurement results for
the sample produced at laser powers of 180 W (S5) and 250 W (S8) were 412 HV and 408 HV,
respectively (Figure 13A). Increasing the scanning speed initially caused a decrease in the
microhardness of the core area. Beyond 1200 mm/s, an increase in value was observed
(Figure 13B).
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Ti-6Al-4V and Ti-6Al-7Nb alloys.

In the case of the Ti-6Al-7Nb alloy, an increase in laser power initially results in an
increase in microhardness in the core area, with a clear maximum for the S0 strategy.
Beyond 216 W, a decrease in value was observed (Figure 13A). A similar dependency
was observed with increasing scanning speed, with a maximum for strategy S3. Beyond
1100 mm/s, a decrease in the microhardness of the core area was observed (Figure 13B).

Based on this, it can be assumed that the observed decrease in the microhardness of
the core area was associated with an increased crystallization of the β phase in this area.
The results may suggest that although both investigated alloys belong to two-phase alloys,
they react differently to changes in the thermodynamic conditions prevailing in the pool of
molten material caused by changes in laser power (temperature change) or scanning speed
(change in heating and solidification time).

3.4. Microstructure

The as-built microstructures of the Ti-6Al-4V and Ti-6Al-7Nb alloys are shown in
Figure 14. Regardless of the manufacturing strategy, the observed metallographic structure
is typical for two-phase titanium alloys produced using SLM technology [48,49]. After
etching, the columnar grains of the β phase, with their growth direction parallel to the
build direction, were observed. The β phase crystallizes in a body-centered cubic (BCC)

17
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and is described as a solid solution of stabilizing elements, primarily V or Nb in this
case [47]. The specificity of the SLM process, particularly the high solidification rates of
the melting pool, promotes the crystallization of a metastable α’ phase within the β phase
grains. The α’ phase crystallizes in a hexagonal close-packed (HCP) arrangement, and its
microstructure is characterized by needle-like or plate-like features [47]. As demonstrated
by the micrographs, the growth plane of the crystalline needles or plates of the α’ phase
is oriented at an angle of approximately 45◦ to the growth of the β phase grains. Given
that the generation of each successive layer requires the interaction of the laser beam with
a layer that has already been solidified, the occurrence of a phase transformation from α”
to β in this layer should be taken into account, as suggested by, among others, Chlebus
et al. [32].
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For a complete phase composition identification, X-ray diffraction analysis was con-
ducted on samples cross-section for the Ti-6Al-4V and Ti-6Al-7Nb alloys manufactured
according to strategies S5 and S8. Based on the fitting of diffraction patterns (Figure 15),
it was found that for all tested alloys, the visible peaks are characteristic of the presence
of titanium phase with a hexagonal close-packed (HCP) structure, due to the similarity of
crystal lattice parameters [32,33,50].
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Figure 15. X-ray diffraction spectrums of (A) Ti-6Al-4V and (B) Ti-6Al-7Nb alloys manufactured
according to strategies S5 and S8.

In the obtained diffraction spectrums, no additional peaks were observed. Therefore,
the presence of alloying additives and thermal processing conditions did not ensure the
stabilization of the β-Ti phase. The Ti-6Al-4V and Ti-6Al-7Nb alloys manufactured using
SLM technology exhibit non-equilibrium, brittle microstructures with metastable α’-phase
martensite. This is consistent with findings in the literature [32,33,50].

3.5. Tensile Test Results

The similarity in the stress–strain curves for samples made using the same manufactur-
ing strategy indicates a high repeatability of the SLM process. Therefore, Figure 16 depicts
the stress–strain curves of randomly selected samples from each series made from the
Ti-6Al-4V and Ti-6Al-7Nb alloys. The shape of the curves is typical for materials without a
distinct yield point.
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Table 6 presents a comparison of the values (an average of five measurements) of the
elastic modulus (E), yield strength (Rp0.2), tensile strength (Rm), and elongation (A25mm) of
the Ti-6Al-4V and Ti-6Al-7Nb alloys.

Table 6. Young’s modulus, yield strength, tensile strength and elongation of Ti-6Al-4V and Ti-6Al-
7Nb samples.

Manufacturing
Strategy
Symbol

E [GPa] Rp0.2 [MPa] Rm [MPa] A25mm [%]

Ti-6Al-4V
S0 78 ± 12 565 ± 51 765 ± 22 1.2 ± 0.1
S1 67 ± 4 591 ± 22 724 ± 33 0.9 ± 0.2
S2 76 ± 4 588 ± 26 784 ± 25 1.4 ± 0.3
S3 80 ± 9 686 ± 54 860 ± 31 1.6 ± 0.5
S4 79 ± 5 726 ± 64 912 ± 17 2.2 ± 0.2
S5 73 ± 2 601 ± 20 755 ± 25 0.8 ± 0.1
S6 70 ± 4 604 ± 15 762 ± 11 1.2 ± 0.2
S7 70 ± 4 653 ± 19 801 ± 28 1.5 ± 0.3
S8 73 ± 4 649 ± 40 805 ± 38 1.3 ± 0.2

Ti-6Al-7Nb
S0 86 ± 5 801 ± 13 968 ± 8 7.5 ± 1.0
S1 88 ± 3 789 ± 13 977 ± 17 5.4 ± 0.6
S2 84 ± 3 779 ± 18 945 ± 20 5.7 ± 2.4
S3 83 ± 3 769 ± 13 925 ± 16 7.6 ± 0.9
S4 82 ± 4 778 ± 13 932 ± 9 7.5 ± 0.6
S5 84 ± 2 739 ± 7 932 ± 8 2.7 ± 1.1
S6 75 ± 5 720 ± 25 886 ± 24 3.3 ± 0.9
S7 81 ± 4 729 ± 25 905 ± 15 5.3 ± 1.5
S8 75 ± 3 724 ± 28 876 ± 17 6.3 ±1.5
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In the case of the Ti-6Al-4V alloy, a clear increase in the values of all analyzed strength
parameters was observed with an increase in volumetric energy density. A similar relation-
ship was observed by Zhao et al. [36]. The tensile properties of the Ti-6Al-4V alloy observed
in this study are lower in comparison to the range reported in previous research [36,51–53].

Conversely it was observed that, for the Ti-6Al-7Nb alloy, the tensile properties
decreased with the increase in volumetric energy density. Due to the small number of
literature reports, it is difficult to verify this observation. Chlebus et al. [32] reported that
the tensile strength of samples from Ti-6Al-7Nb alloy with a vertical direction of layer
building in relation to the working platform was 776 ± 40 MPa (the values of the other
parameters are unavailable). This value is approximately 13–25% lower than that reported
in this work. Unfortunately, Xu et al. p [33] did not provide clear information about
the direction of layer building in the samples they analyzed, which, as is known, has a
significant impact on the mechanical properties of alloys produced by SLM technology
(anisotropy). However, the yield strength and tensile strength values obtained by Xu et al.
were 1082 ± 13 MPa and 1160 ± 18 MPa, respectively. They are approximately 23–34% and
17–25% lower than reported in this work.

The Ti-6Al-4V alloy achieved lower values of the analyzed tensile properties pa-
rameters compared to the Ti-6Al-7Nb alloy. This is particularly evident in the case of
elongation. For the Ti-6Al-7Nb alloy, the highest elongation value was 7.6 ± 0.9% and
was approximately four times higher than the highest elongation for the Ti-6Al-4V alloy
(2.2 ± 0.2%).

The study showed that changing the process parameters had a significant effect (laser
power and scanning speed) on the analyzed mechanical properties of both alloys. In
general, increasing the laser power while maintaining a constant scanning speed led to
an increase in the yield strength, tensile strength, and elongation for the Ti-6Al-4V alloy.
Conversely, for the Ti-6Al-7Nb alloy, a decrease in the Young’s modulus, yield strength,
and tensile strength values was observed, alongside an increase in the elongation value
(Figure 17).
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4. Conclusions

The aim of the study was to determine the effect of varying the values of the process
parameters (scanning speed and laser power) on the relative density, microstructure and
mechanical properties of the Ti-6Al-4V and Ti-6Al-7Nb alloys. A comparison was made
between the processability and properties of the two alloys produced using the same
process strategies. These studies are particularly important for the Ti-6Al-Nb alloy, which is
becoming increasingly popular in medicine. The currently available number of publications
definitely does not exhaust the needs of the additive manufacturing industry.

For both tested materials, considering the maximization of relative density and min-
imization of surface roughness as selection criteria, the best strategy was S8, where the
laser energy density was 70 J/mm3 with a laser power of 250 W and a scanning speed of
1200 mm/s. Regardless of the structural material used, the relative density and surface
roughness can be controlled by changing the laser power or scanning speed. However, it
is more advantageous to increase the laser power in order to increase the relative density
while minimizing the surface roughness by adjusting the volumetric energy density.

The microstructures of the two investigated alloys were similar when they were
manufactured under similar conditions. In both cases, a typical microstructure for titanium
alloys manufactured by SLM technology was obtained, consisting of columnar β phase
grains with a needle-like α’ phase inside.

For all manufacturing strategies tested, higher relative density values were obtained
for the Ti-6Al-7Nb alloy. In addition, increasing the volumetric energy density increased
the tensile strength of the Ti-6Al-4V alloy, while the opposite relationship was observed
for the Ti-6Al-7Nb alloy. The investigated Ti-6Al-7Nb alloy exhibited higher elongation
values. The core microhardness of the Ti-6Al-7Nb alloy samples was lower than that of
the Ti-6Al-4V alloy. The obtained microhardness and elongation results suggest that the
Ti-6Al-7Nb alloy solidified with a higher volume of β phase.

The results show that these changes in the parameters of the fabrication process result
in different material properties for the Ti-6Al-4V and Ti-6Al-7Nb alloys. The selected
criteria for choosing a fabrication strategy are both practical and economical. Increased
relative density in the raw state translates into better mechanical properties. Conversely,
reduced roughness leads to lower time and financial costs for finishing operations. It should
be noted that improvements in the microhardness and mechanical properties, including
elongation, of titanium-based alloys produced by SLM technology can be achieved by
appropriate heat treatment, which is a future direction of the work of the authors of
this publication.
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Abstract: TiAl alloys possess excellent properties, such as low density, high specific strength, high
elastic modulus, and high-temperature creep resistance, which allows their use to replace Ni-based
superalloys in some high-temperature applications. In this work, the traditional TiAl alloy Ti-
48Al-2Nb-2Cr (Ti4822) was alloyed with additional Nb and fabricated using laser metal deposition
(LMD), and the impacts of this additional Nb on the microstructure and mechanical and tribological
properties of the as-fabricated alloys were investigated. The resulting alloys mainly consisted of the γ

phase, trace β0 and α2 phases. Nb was well distributed throughout the alloys, while Cr segregation
resulted in the residual β0 phase. Increasing the amount of Nb content increased the amount of the γ

phase and reduced the amount of the β0 phase. The alloy Ti4822-2Nb exhibited a room-temperature
(RT) fracture strength under a tensile of 568 ± 7.8 MPa, which was nearly 100 MPa higher than that
of the Ti4822-1Nb alloy. A further increase in Nb to an additional 4 at.% Nb had little effect on the
fracture strength. Both the friction coefficient and the wear rate increased with the increasing Nb
content. The wear mechanisms for all samples were abrasive wear with local plastic deformation and
oxidative wear, resulting in the formation of metal oxide particles.

Keywords: TiAl alloys; Nb alloying; laser metal deposition; microstructure; mechanical properties;
tribological properties

1. Introduction

The intermetallic compound TiAl, which has a density of ~4000 kg/m3, exhibits
exceptional mechanical and chemical properties at high temperatures, including high
specific strength, high specific modulus, substantial creep resistance, considerable fatigue
resistance, and excellent oxidation resistance [1–3]. TiAl alloys are considered the most
promising candidates to replace Ni-based superalloys within the temperature range of
650~850 ◦C [4,5]. They have been used effectively in racing engine parts, aero-engine
low-pressure turbine (LPT) blades, and in several other applications [6,7], and enable a
reduction in structural weight, thereby decreasing pollutant emissions while enhancing
energy efficiency [8,9]. Between 2008 and 2018, the overall manufacturing expenses for
γ-TiAl alloys at the German Electrometallurgy Company dropped by almost 70%, while
production surged almost thirtyfold, demonstrating their increased commercial use [10–
12]. Presently, the main processing technologies for TiAl alloys include ingot metallurgy,
precision casting, and powder metallurgy [13–15]. However, both their limited hot pro-
cessing range and low room-temperature plasticity significantly hinder their widespread
industrial use. The ingot metallurgy process is complex and encompasses melting, casting,
hot isostatic pressing, and hot processing, resulting in a high rate of defective products and
high costs due to significant chemical segregation [16,17]. Although LPT blades produced
by precision casting have been used on a small scale, it remains challenging to manufacture
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components with intricate internal cavity structures [18]. On the other hand, powder
metallurgy is mostly confined to laboratory research, and faces limitations regarding the
size and shape of components [19].

In the past two decades, laser additive manufacturing (LAM) has emerged as the most
rapidly evolving and promising technology in advanced manufacturing [20–24]. As one of
the exemplary representatives of LAM technology, laser metal deposition (LMD) technology
possesses distinctive features such as high energy density, exceptional processing precision,
shortened processing cycles, and customized production capabilities [25,26]. Moreover,
LMD technology transcends the limitations imposed by molds and size restrictions to
directly manufacture parts with intricate shapes [27,28]. This enhances the design flexibility
for new products while simultaneously reducing manufacturing costs [29,30].

The components created by LMD show complex microstructures and mechanical prop-
erties, which are notably different from those of conventionally cast or forged parts [31,32].
This is a result of the distinctive thermal conditions encountered throughout the LMD process,
including both rapid heating (106–107 ◦C·s−1) and cooling (>103 ◦C·s−1) cycles [33,34]. TiAl
alloys are brittle, and thus, susceptibility to cracking is a major challenge during their LMD
processing. Recently, researchers have successfully prepared crack-free TiAl alloy blocks by
adjusting the processing parameters, e.g., the laser power and auxiliary heating, to reduce
cooling rates [35,36].

Most research on TiAl alloys made by LMD has concentrated on the traditional alloy
Ti-48Al-2Nb-2Cr (Ti4822). For instance, Wang et al. [37] prepared Ti4822 blocks using
high-power LMD that had an ultimate tensile strength (UTS) of 545 ± 9 MPa at ambient
temperatures and 471 ± 37 MPa at 760 ◦C. The microstructure consisted of alternating
columnar and equiaxed grains. Wu et al. [28] also observed this phenomenon and explained
the evolution of the microstructure and the resulting change in hardness. Zhang et al. [38]
studied the anisotropy of the tensile behavior of the closely related alloy Ti-47Al-2Nb-2Cr
produced by LMD and obtained a UTS at a room temperature of ~650 MPa. Ti4822 is a
composition system suitable for casting, but it is not obvious that it is suitable for LMD
processing, which has high cooling rates and cyclic heating characteristics [39,40]. Thus,
alloying elements may exhibit different effects in LMD processing compared to processing
using conventional casting. Therefore, it is essential to investigate the impacts of various
alloying elements on LMD-processed alloys. This will provide a basis for designing specific
alloy compositions for LMD.

Nb is commonly used as a β stabilizer in TiAl alloys and extends the β-phase region
to a high Al content [41,42]. This leads to an elevation in both the melt temperature (Tm)
and eutectoid temperature (Teu), as well as a shift of the solute temperature for the γ phase
towards the Al-rich side [43]. These modifications have significant implications for refining
microstructures. In addition, the addition of Nb can greatly improve the high-temperature
mechanical properties via solid solution strengthening, while also enhancing oxidation
resistance [44,45]. The importance of incorporating Nb has increased significantly since the
development of the second generation of TiAl alloys, particularly high-Nb TiAl alloys [11].
Hence, it is crucial to explore the impacts of Nb on the fabrication of TiAl alloys via LMD.

In some practical engineering applications, including exhaust valves, turbine blades,
and dispersion flaps, sliding contact is necessary for the components during their service life.
This requires TiAl alloys to exhibit not only superior strength, but also good wear resistance,
which necessitates an understanding of their tribological properties. Previous studies have
predominantly concentrated on the friction and wear properties of TiAl alloys with low Nb
content prepared through conventional processing. Wang et al. [46] investigated the effect
of lamellar orientation on the friction and wear properties of directionally solidified Ti-47Al-
2Nb-2Cr-2Mn and found that the highest friction coefficient was observed for a direction
of 70–90◦, followed by 35–50◦ and 0–15◦, with the wear rate showing the opposite trend.
Cheng et al. [47] investigated the tribological behavior of Ti-46Al-2Cr-2Nb alloys prepared
by hot-press sintering at different temperatures and found that the coefficient of friction
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slowly decreased with increasing temperatures. Nevertheless, the friction properties of
LMD-ed TiAl alloys are rarely reported.

This study employed LMD to produce TiAl alloys with different Nb contents. The
microstructural evolution, tensile properties, hardness, and tribological properties of the
alloys were investigated and analyzed. The aim is to offer valuable insights into the
compositional design of high-performance TiAl alloys, especially those with excellent
tribological properties, processed by LMD additive manufacturing technology.

2. Materials and Methods

Powders of Ti4822 and high-purity Nb (>99.6%, particle size range from 15 to 53 µm,
purchased from Bright Laser Inc., Xian, China) were used in this study. The plasma
rotation electrode procedure was used to create the Ti4822 powders. As shown in Figure 1a,
the resulting particle size distribution, which was characterized by a Mastersizer3000
(Malvern Panalytical, Malver, UK) laser particle size analyzer, spanned 40–150 µm, with
Dv(50) = 89.7 µm. X-ray diffraction (XRD) patterns, produced using Cu-Kα radiation for a
diffraction angle (2θ) ranging from 20 to 90◦ in increments of 0.02◦, were used to determine
the phases present in the powder and the processed alloys. The morphology of the Ti4822
powder was characterized using an Quanta FEG250 scanning electron microscope (SEM,
FEI, Hillsboro, OR, USA). Three mixed powders with different Nb contents were obtained
by mixing the Ti4822 powder with the Nb powder to produce the Ti4822-xNb alloy, where
x = 1 at.%, 2 at.%, and 4 at.% designated as S1, S2, and S3, respectively.
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fraction and green line represents cumulative fraction), (b) XRD pattern, (c) secondary electron
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Ti4822-xNb samples with a size of 35 mm × 10 mm × 35 mm were produced using
an RC-LDM8060 machine (Yuchen Inc., Nanjing, China) with a 2000 W fiber laser and a
six-channel powder feeding system. The LMD parameters used were a laser beam power
of 1600 W, a beam-scanning speed of 7 mm·s−1, a layer thickness of 0.5 mm, and a beam
diameter of 2.5 mm. An unalloyed Ti substrate was used for the deposition. High-purity
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argon gas was added to the printing chamber to keep the oxygen content below 50 ppm. A
serpentine scanning strategy was adopted, as illustrated in Figure 2.
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The specimens were ground, polished, and then etched with Kroll’s reagent (5 vol.%
HF, 15 vol.% HNO3, and 80 vol.% by volume H2O) before examining the microstruc-
ture using a Quanta FEG250 SEM (FEI, Hillsboro, OR, USA) operated at 18 kV in the
backscattered electron (BSE). The compositions of the points marked in BSE images were
determined using X-ray energy dispersive spectroscopy (EDS, FEI, Hillsboro, OR, USA)
at an accelerating voltage of 20 kV. The counting time for each point was 3 min. Electron
backscatter diffraction (EBSD) examinations were performed at an operating voltage of
20 kV and a step size of 0.5 µm. Hardness tests were conducted using a Buehler5104
microhardness tester (Future Tech, Kanazawa, Japan) with a maximum indentation load of
0.3 kg and a duration of 20 s. Dog bone-shaped tensile specimens with gauges measuring
9.5 mm × 2 mm × 1.6 mm were cut parallel to the XY plane. Tensile tests were conducted
at room temperature using a universal tensile machine (AGS-X, Shimadzu, Kyoto, Japan)
with an initial strain rate of 1 × 10−4 s−1. Three samples were measured for each alloy,
and the average was calculated. An HT-1000 friction and wear testing apparatus (Zhongke
Kaihua Co., Ltd, Lanzhou, China) was used to conduct dry-sliding wear tests at room tem-
perature. The samples were rotated by sliding against a 4 mm diameter Si3N4 ceramic ball
(purchased from Sikeer Industry & Trade Co., Ltd, Kaifeng, China) for 30 min at a rotation
speed of 560 r/min with a contact load of 1 kg. The wear marks on the samples after testing
were observed and imaged using a VHX-5000 ultra depth of field 3D microscope system
(Keyence Co,. Ltd., Shanghai, China).

3. Results and Discussion

This section will present and analyze the results of XRD, SEM, EBSD, tensile testing,
and friction and wear testing for S1, S2, and S3 samples.

3.1. Microstructure

XRD patterns revealed that the strongest diffraction peak from the Ti4822 powder
corresponded to the α2 phase (201), see Figure 1b, indicating that the powder matrix was
the α2 phase rather than the γ phase. This is because of the high cooling rate during
powder processing. Figure 1c,d shows the morphology of the Ti4822 powder, which had
good sphericity, dispersion, and surface finish, thereby meeting the requirements for LMD
manufacturing. XRD patterns of S1, S2, and S3 are shown in Figure 3. The predominant
diffraction peaks in all three samples corresponded to the γ phase (111). Most other
diffraction peaks corresponded to the γ phase, while a few corresponded to the α2 phase,
indicating that the samples were mostly composed of the γ phase with a small amount of
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α2 phase. Many X-ray peaks were bifurcated, because of the tetragonal crystal structure of
the γ phases [38]. Note that S1 also had a diffraction peak corresponding to the β0 phase,
which was not present in the other two samples. In addition, as the Nb content increased,
the intensity of the diffraction peaks corresponding to the α2 phase decreased, while those
corresponding to the γ phase increased, indicating reduced α2 content and increased γ

content. Figure 3b shows an enlarged section of the XRD patterns around the γ (111) peak.
It is evident that the diffraction peak corresponding to the (111) crystal plane of the γ phase
shifted slightly to the left with increasing Nb, i.e., the 2θ value decreased. Thus, from
Braggs law [48],

2dsin θ = λ (1)

where d is the crystal plane spacing, θ is the diffraction angle, and λ is the wavelength of
the incident X-ray. A decrease in the value of θ implies an increase in the value of d, which
indicates an increase in the lattice parameter of the γ phase. The lattice parameters increase
when Nb replaces Ti in TiAl alloys because Nb has a larger atomic radius than both Ti and
Al. Therefore, it is evident that the amount of Nb content in the γ phase increased.
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Figure 3. (a) XRD patterns of Ti4822-xNb alloys S1, S2 and S3, and (b) enlarged XRD patterns around
the γ (111) peak.

Figure 4 shows backscattered electron (BSE) images of the three LMDed Ti4822-xNb
alloys. No unmelted Nb particles or significant Nb segregation were observed in the
samples. This suggests that the Nb particles introduced as element powders were well
melted and integrated during the deposition process. Due to its low atomic number, the Al
will show dark contrast in BSE images. There were obvious black network bands in the
samples (as yellow arrows designated), which were regions of segregation caused by the
accumulation of Al, also known as S-segregation [49]. The β stabilazing elements have a
higher atomic number, so the β0 phase appears bright white. The microstructures of all
three samples exhibited S-segregation, with β0 phases dispersed throughout the matrix.
As the Nb content increased, the S-segregation became more severe while the amount of
the β0 phase decreased. To further clarify the phases present and their distribution, the
chemical compositions of different regions of the samples were analyzed, see Table 1. The
β0 phase in the three samples can be divided into two types. As shown in Figure 4b, the
first type was larger and had a lower Al content (location A). The second type was finer and
precipitated in the middle of the lamellae (locations C, E, and I in Figure 4b,d,f). Overall,
Nb did not exhibit significant segregation, and the β0 phase was enriched in Cr. The degree
of Cr enrichment in the β0 phase of S1 was notably greater than in S2 and S3.
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Figure 4. BSE images of Ti4822-xNb alloys (the red letters indicate features discussed in the text):
(a) S1, (b) higher magnification image of the region in the red box in (a), (c) S2, (d) higher magnification
image of the region in the red box in (c), (e) S3, (f) higher magnification image of the region in the red
box in (e).

Table 1. EDS results of the marked areas in Figure 4.

Label
Chemical Composition (at.%) Identified

PhaseTi Al Nb Cr

A 54.1 35.6 2.0 8.3 β0
B 44.1 52.5 2.2 1.2 γ

C 48.4 46.2 2.5 3.0 β0
D 47.7 47.8 2.6 1.9 γ/α2
E 45.9 46.5 4.6 3.0 β0
F 44.7 49.6 3.3 2.4 γ/α2
G 45.8 47.8 4.3 2.0 γ/α2
H 44.8 47.4 4.1 3.7 β0
I 44.8 49.4 3.7 2.1 γ/α2
J 45.4 48.0 4.7 1.9 γ/α2
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EBSD results from the three alloys are shown in Figure 5. From the inverse pole
figures (Figure 5a–c), S1 exhibited a large number of massive grains, while S2 and S3
samples showed lamellar colonies. Note that the lamellar colony size of S3 was smaller
than that of S2 because the greater Nb content refines the microstructure. There was
no significant texture in any of the samples. Table 2 shows the volume fractions of the
phase in the three alloys obtained from EBSD results. S1, S2, and S3 contained 92.8%,
97.7%, and 98.6% of the γ phase, respectively, the volume fractions of the β0 phase were
5.7%, 1.9%, and 1%, respectively, while the volume fractions of the α2 phase were 1.5%,
0.4%, and 0.4%, respectively. That the volume fraction of the β0 phase decreased with
the increasing in Nb content is consistent with the BSE images. As shown in Figure 5d,e,
the β0 phases in S1 were mainly located at the grain boundaries, whereas in S2 and S3,
they were located in the middle of the lamellae. Furthermore, fine granular grains crystal
clusters were present along the edges of the lamellar colonies, as illustrated in Figure 5e,f.
Zhang et al. [38] and Wu et al. [28] also observed this phenomenon in Ti4822 alloys formed
by LMD. This is because the laser repeatedly swept over the deposited material, causing
the first deposited part to undergo solid phase transitions due to thermal cycling during
LMD processing [28,37]. Figure 5g–i shows that the kernel average misorientation (KAM)
of the samples increased with increasing Nb, which reflects the accumulation of local faults
and stresses. A large amount of Nb in a solution causes lattice distortion in TiAl alloys,
leading to stress concentrations. Additionally, Nb reduces the stacking fault energy of the
γ phase and increases the tendency to form mechanical twins [50].
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Table 2. Volume fractions of phases in S1, S2, and S3 from EBSD results.

Alloys
Phase Content (%)

γ-TiAl β0/B2 α2-Ti3Al

S1 92.8 5.7 1.5
S2 97.7 1.9 0.4
S3 98.6 1 0.4

3.2. Microstructural Evolution Analysis

Based on the solidification pathways, TiAl alloys can be divided into two categories:
peritectic-solidified TiAl alloys (PSG) and β-solidified TiAl alloys (BSG). Traditional PSG
alloys typically have an Al content of over 45 at.% and experience a peritectic reaction
(L + β→α) during the cooling process [51]. Ti4822 is a typical PSG alloy. The above
results indicate that the microstructure of S1 significantly differed from those of S2 and S3,
probably due to its different solidification path. The chemical composition of S1 was closely
similar to that of the base Ti4822 alloy, leading to the peritectic solidification. Figure 6a
depicts the corresponding microstructural evolution of peritectic solidification of the TiAl
alloy. During the LMD process, the powders were irradiated by a high-energy laser beam,
leading to a local temperature spike instantaneously above the melting point. A micro-scale
molten pool was created in a short period. The primary β phase nucleated and grew from
the molten liquid phase. Subsequently, the α phase formed on the surface of the primary
β phase because of the lower energy of nucleation and consumed both the liquid and β

phases during growth. Simultaneously, the diffusion of Al from the β phase into the α

phase occurred, while β-stabilizing elements diffused into the β phase. This trend led to an
enrichment of β-stabilizing elements and an absence of Al at the junction of β and α grains.
The cooling rate was so rapid that the alloy underwent non-equilibrium solidification,
resulting in β0 (location A in Figure 4b) + γ (location B in Figure 4b) formation. The
primary β phase is a heterogeneous nucleation site which enhances the nucleation rate
and generates numerous refined α grains [52]. The β0 phase at the grain boundary is
conducive to limiting the growth of α grains during subsequent thermal cycles. If α grains
have an opportunity to coarsen afterward, the segregation of the β-stabilizing elements is
transferred to the inner lamellae of the grains, see location C in Figure 4b.

Both the alloying elements and the cooling rate during solidification will affect the
solidification path [11]. The larger Nb addition in the S2 and S3 samples further expanded
the β field area to encompass higher levels of Al content, resulting in the occurrence
of β-solidification, as illustrated in Figure 6b. The presence of significant S-segregation
(Figure 4c,e) in both microstructures provides compelling evidence for this. The phase
transition passes through a single-phase β field, which leads to the solidification of the
β phase first and pushes the Al to the grain boundaries, producing S-segregation. At the
phase transformation point of β→α + β, the β-stabilizing elements are expelled from both
the boundary and the α/β interface. When the transition from β to α is incomplete, the
segregation site tends to form a β0 phase, which is dependent on the Al content present [49].
As previously described, the laser rapidly melts the powders to form a miniature molten
pool. However, due to the short time, the Nb powders tend to form atomic clusters after
melting [53]. On the one hand, Nb can increase the liquidus temperature of TiAl alloys,
thereby promoting nucleation in the Nb-rich region. On the other hand, the Nb atomic
clusters can act as heterogeneous sites to promote nucleation, thus refining the primary β

grains. Consequently, in comparison to S2, S3 had finer lamellar colonies, although this
also leads to a more severe S-segregation.
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The above results show that the Nb element is less prone to segregation during LMD
processing, which can be ascribed to the high cooling and the low diffusion coefficient. The
segregation of Cr is the reason for the residual β0 phase at room temperature. Adding Nb
can alter the solidification path of the LMD-ed TiAl alloys, which can consequently affect
their microstructures. Compared to the peritectic solidification path (S1), β-solidification
(S2 and S3) is advantageous for reducing Cr segregation. This is because compared to the
solid phase, the solute diffuses faster in the liquid phase [54]. Additionally, a significant
amount of Nb in a solid solution can decrease the diffusion efficiency rate of Cr atoms.

3.3. Mechanical Properties

The microhardness results for S1, S2, and S3 are shown in Figure 7a. Five points were
measured for each. The microhardness first increased and then decreased with increasing
Nb content, with the S2 sample having the highest microhardness of 359± 6 HV0.3. Typical
RT tensile engineering stress–strain curves are presented in Figure 7b, and the tensile results
(which are the average of three tests) are presented in Figure 7c. Compared to S1, whose
fracture strength was 470 ± 30 MPa, S2 exhibited an increase of nearly 100 MPa, reaching
568 ± 8 MPa. The fracture strengths of S2 and S3 samples were similar, indicating that the
additional Nb did not effectively improve the strength. All three samples showed brittle
fracture with elongations less than 0.5%.
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Figure 8 shows the fracture surfaces of the three alloys after tensile testing. All
the alloys exhibited brittle fracture behaviors, as evidenced by the cleavage facets. In
Figure 8b,d,f, point-radiant trans-granular expansion (the red arrows) across multiple
lamella thicknesses can be found. According to the fracture theory, the point of expansion
is the source of cracks.

The mechanical properties of the TiAl alloys depend on two factors. First, Nb is
present in a solid solution in the TiAl matrix. This not only alters the phase transformation
interval but also strengthens the alloy. The addition of Nb increases the c/a ratio of the γ

phase, makes it more anisotropic, and increases the strength of the γ phase [44]. Therefore,
the hardness and strength of S2 and S3 were greater than those of S1. However, increasing
the Nb content resulted in slightly lower hardness values for S3. This is because lattice
distortion increases the brittleness of the alloys. Second, the mechanical properties are
significantly affected by the phases present [55]. The γ phase has a face-centered tetragonal
structure with many independent slip systems. The α2 phase has a close-packed hexagonal
structure, and its slip system is limited. The β0 phase, which has an ordered body-centered
cubic structure, is a hard and brittle phase at room temperature and is detrimental to the
ductility. Therefore, the improved properties of the S2 sample also benefited from the
increment of the γ phase and the reduction in the β0 phase.
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resulting wear volumes for S1, S2, and S3 were 60.8 ± 0.1 mm3, 72.5 ± 2.6 mm3, and 76.2 ± 
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Figure 8. SEM results of fracture surfaces of Ti4822-xNb alloys (yellow arrows indicate cleavage
facets; white arrows indicated cleavage steps; red arrows indicated the source of the cracks): (a) S1,
(b) higher magnification image of the region in the red box in (a), (c) S2, (d) higher magnification
image of the region in the red box in (c), (e) S3, and (f) higher magnification image of the region in
the red box in (e).

3.4. Tribological Properties

Figure 9a displays curves for the coefficient of friction for the alloys during wear
testing in air under a 10 N normal load. The coefficient of friction initially increased with
increasing sliding time and stabilized after ~5 min. In the initial run-in period, the actual
contact area was small, resulting in a low friction coefficient [56]. After a period of running,
the contact area gradually increased as materials wore away. During the stable stage, the
friction coefficients of the three samples still fluctuated somewhat, but the fluctuations
decreased with time. Figure 9b shows the average friction coefficients for S1, S2, and S3 as
0.55 ± 0.05, 0.58 ± 0.06, and 0.61 ± 0.08, respectively. The errors of the friction coefficient
reflect the degree of fluctuation. Both the friction coefficient and the fluctuations slightly
increased as the Nb content rose. The wear volume, V, was calculated from the following:

V = 2πR·S (2)

where R is the radius of the test and S is the cross-sectional area of the wear track. The
radius of the abrasion paths was measured, and the values of S were determined using
the ultra-depth-of-field three-dimensional microscopic system, as shown in Figure 9. The
resulting wear volumes for S1, S2, and S3 were 60.8 ± 0.1 mm3, 72.5 ± 2.6 mm3, and
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76.2 ± 0.6 mm3, respectively, see Figure 9c, i.e., the wear volume increased as the Nb
content increased. Figure 10 clearly shows that there was a pileup of material at the
boundary between the track and the unworn area, indicating the existence of local plastic
deformation in all the alloys. It has been demonstrated that, in the absence of any surface
irregularities, the maximum shear stress under the surface of a rigid sphere pressed against
a flat material can be up to 0.48 times the contact stress [57]. However, in practice, surface
roughness necessitates considering additional factors, resulting in a three times higher
accurate shear stress level [58]. When a normal load of 10 N is applied, the normal surface
contact stress is approximately 1000 MPa, corresponding to a sub-surface shear stress of
over 1400 MPa. This is considerably higher than the yield strength of Ti4822-xNb alloys [59].
As a result, plastic deformation occurs during wear testing, leading to a pile-up at the edge
of the wear track.
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Figure 9. (a) Friction coefficient-sliding time curves, (b) average friction coefficients, and (c) wear
volumes for the Ti4822-xNb alloys.

To analyze the wear mechanisms of the alloys, the wear tracks of samples were
examined further. Figure 11 shows secondary electron images. The wear surfaces of the
three samples were similar, and the wear tracks were generally relatively flat. The surface
of the wear tracks contained a significant amount of white and bright particles, which
were wear debris [60]. The surface damage consisted of tens of micrometers wide and
long continuous plowed grooves. This indicates that the primary wear mechanism of TiAl
alloy is abrasive wear, which is consistent with reports in the literature [7,61,62]. Upon
further magnification, gray “scars” (the yellow arrows in Figure 11b,e,h) could been seen
were present on the wear surfaces, which were clearly indications of plastic deformation.
Figure 11c,f,i shows the scars in detail. In the S2 sample, three typical morphologies were
analyzed: wear debris, matrix, and scar. Point analyses were carried out at A, B, and C in
Figure 11, and the results are presented in Table 3. The results revealed that wear debris
showed a high O content of 31.7%, which indicates that oxidative wear occurred. The
matrix contained only a small amount of O, suggesting that no tribo-oxide layer formed on
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the wear surfaces. The O content at the scar was between matrix and wear debris. All three
sites contained only trace amounts of Si.
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Figure 10. Surface observation and 3D images from ultra-depth three-dimensional microscope for
wear tracks of Ti4822-xNb alloys: (a) S1, (b) S2, and (c) S3.

As previously stated, the surface of the samples was subjected to considerably el-
evated stresses compared to its yield strength during friction, which resulted in plastic
deformation of the asperities (Figure 11c,f,i). Upon reaching a certain threshold, plastic
deformation ceded to the generation of wear debris. Some of the wear debris was expelled
from the wear testing system under the force of centrifugal acceleration. At the same
time, the rest remained between the wearing components, continuing to contribute to
the wear process. The heat generation by friction resulted in an elevated local tempera-
ture, which stimulated the fine abrasive particles to react with oxygen in the air to form
metal oxide particles (Table 3). The action of both frictional and normal stresses led to the
agglomeration, compaction, and welding of these metal oxides, as shown in Figure 12.
Nevertheless, a friction oxide layer with good wear resistance was not formed further. Con-
sequently, the wear process became more intense, and the coefficient of friction exhibited
considerable fluctuations.

Table 3. EDS results from the marked areas in Figure 11e.

Label
Composition in at.%

Ti Al Nb Cr O Si

A 31.4 32.7 2.8 1.2 31.7 0.1
B 46.9 43.1 3.5 2.0 4.3 0.2
C 40.7 39.1 3.2 1.7 15.2 0.1
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Figure 12. Secondary electron images showing (a) agglomeration and (b) compaction of wear debris. 

In the presence of a load, the Si3N4 ceramic ball was capable of exerting pressure on 
the surface of the alloy samples, resulting in the material undergoing flow. In this context, 
the role of shear stress was of particular significance. It has been demonstrated that the 
γ/γ and α2/γ interfaces in TiAl alloys exert a significant blocking effect on the sliding of 
the anti-friction material [46]. In comparison to S1, S2 and S3 contained a considerable 
number of lamellar interfaces. Further, the increased Nb content resulted in a more severe 
lattice distortion of the γ phase, necessitating a higher shear stress for material flow. This 

Figure 11. Secondary electron images showing the wear surface of Ti4822-xNb alloys and correspond-
ing EDS maps: (a) S1, (b) a higher magnification image of the region in the red box in (a), (c) a higher
magnification image of the region indicated by the yellow arrow in (b), (d) S2, (e) a higher magni-
fication image of the region in the red box in (d) (the yellow letters indicate different characteristic
areas), (f) a higher magnification image of the region indicated by the yellow arrow in (e), (g) S3, (h)
a higher magnification image of the region in the red box in (g), (i) a higher magnification image of
the region indicated by the yellow arrow in (h).
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In the presence of a load, the Si3N4 ceramic ball was capable of exerting pressure on
the surface of the alloy samples, resulting in the material undergoing flow. In this context,
the role of shear stress was of particular significance. It has been demonstrated that the
γ/γ and α2/γ interfaces in TiAl alloys exert a significant blocking effect on the sliding of
the anti-friction material [46]. In comparison to S1, S2 and S3 contained a considerable
number of lamellar interfaces. Further, the increased Nb content resulted in a more severe
lattice distortion of the γ phase, necessitating a higher shear stress for material flow. This
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manifested itself macroscopically as an increase in the coefficient of friction. However,
the wear volume of the three samples showed an opposite trend. The microstructure is
the primary factor influencing the tribological behavior under identical sliding conditions.
S1 exhibited a microstructure with more β0 phases (5.7%) than the other two alloys (1–
1.9%) and thus demonstrated better plasticity and toughness under local high-temperature
conditions, which may reduce the wear and plowing action of Si3N4 and oxide particles.
Furthermore, the increase in Nb content resulted in a more pronounced S-segregation in the
alloys, accompanied by a reduction in microstructural homogeneity. As previously stated,
the lamellar colonies of S3 were smaller and more numerous than those of S2. Additionally,
delicate γ grain clusters were present at the boundaries of the lamellar colonies of both. It
has been reported in the literature that the hardness of lamellar structures in TiAl alloys is
higher than that of massive or equiaxed γ grains [28]. The hardness of a material reflects
the ability to resist deformation or damage to its surface. When subjected to shear stress,
the uneven distribution of strain between structures with different hardness values leads
to the initiation of cracks. The morphologies of the abrasive debris in all three samples
can be observed in Figure 13. As the Nb content increased, the size of abrasive debris
also increased, particularly in S3. The heterogeneous composition and structure of the
alloy rendered it susceptible to the detachment of large pieces during friction, which in
turn resulted in an augmented rate of wear. This is consistent with the preceding analysis.
Therefore, the wear performance of the alloy diminished with the increase in Nb content.
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4. Conclusions

In this work, Ti4822 alloys with different additional Nb contents were successfully
prepared using LMD processing. The microstructure, mechanical, and tribological prop-
erties of the as-fabricated TiAl alloys were characterized and analyzed. The following
conclusions can be drawn:

1. The TiAl alloys prepared by LMD showed a decrease in the β0 phase and an increase
in the γ phase with increasing Nb content. The presence of the residual β0 phase
was primarily caused by Cr segregation and weakly correlated with the Nb content.
Conversely, the increase in Nb altered the solidification path of TiAl alloys from
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peritectic solidification to β-solidification. The increase in Nb content obviously
refined the microstructures and increased the tendency for S-segregation.

2. As the Nb content increased, the microhardness of the sample initially increased
and then decreased with the alloy containing an additional 2 at.% Nb exhibiting
the highest hardness value of 359.2 ± 6.5 HV0.3. Furthermore, this alloy exhibited a
fracture strength of 568 ± 7.8 MPa, which was nearly 100 MPa higher than that of
the modified alloy with an additional 1 at. % Nb. The alloy with more Nb (4 at.%)
showed the same strength as that with an additional 2 at.%.

3. The wear resistance of the as-fabricated alloys decreased with increasing Nb con-
tent. The main wear mechanism for all alloys was abrasive wear, while oxidative
wear occurred without the formation of tribo-oxide layers. In addition, local plastic
deformation and pile-ups at the edges of the wear tracks occurred.
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Abstract: Experimental and computational approaches were used to study the microstructure of
IN718 produced via powder bed fusion additive manufacturing (PBF-AM). The presence, chemical
composition, and distribution of stable and metastable phases (γ′ ′, δ, MC, and Laves) were also
analyzed. The information obtained from the microstructural study was used to construct a tailored
time–temperature transformation (TTT) diagram customized for additive manufacturing of IN718.
Experimental techniques, including differential scanning calorimetry (DSC), scanning electron mi-
croscopy, energy dispersive X-ray spectroscopy, and electron backscatter diffraction (EBSD), were
employed to establish the morphological, chemical, and structural characteristics of the microstruc-
ture. The Thermo-Calc software and a Scheil–Gulliver model were used to analyze the presence and
behavior of phase transformations during heating and cooling processes under non-thermodynamic
equilibrium conditions, typical of AM processes. Unlike conventional TTT diagrams of this alloy, the
diagram presented here reveals that the precipitation of γ′ ′ and δ phases occurs at lower temperatures
and shorter times in AM-manufactured parts. Significantly, the superposition of γ′ ′ and δ phase
curves in the proposed diagram underscores the interdependence between these phases. This TTT
diagram is a valuable insight that can help in the development of heat treatment processes and quality
control for IN718 produced via PBF-AM.

Keywords: IN718; stable and metastable phases; powder bed fusion (PBF); thermodynamic behavior;
additive manufacturing (AM); phase transformations

1. Introduction

Additive manufacturing (AM) introduces new production methods and allows cus-
tomization of materials’ geometric shape, chemical composition, and microstructure, en-
hancing the performance of functionally graded materials (FGM) [1]. In recent years,
researchers such as [2–4] have conducted experimental studies on phase transformations,
melting and solidification structures, residual stress, and optimal processing parameters,
revealing essential information on surface topography, grain structure, crystalline structure,
phases, and precipitates. These studies have acquired correlated thermodynamics and
kinetics behavior, diffusion phenomena, and thermal history in order to predict phase
transformations in alloys obtained via AM. On the other hand, simulations in AM offer a
powerful approach for extracting valuable information about material properties. Using
thermodynamic modeling, such as CALPHAD methodology, it becomes feasible to predict
equilibrium phases in a multi-component system [5].
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IN718 is a nickel-based superalloy well known for its exceptional mechanical proper-
ties [6]. These exceptional properties are achieved via a precipitation hardening mechanism
through the use of AMS5662 [7] and AMS5383 [8] heat treatments suitable for compo-
nents manufactured using conventional methods such as forging or casting [9]. These
treatments promote the precipitation of γ′ and γ′ ′ phases, which provides the material
with exceptional properties of high resistance to stress, fatigue, rupture, and creep at high
temperatures. However, in AM, the microstructural behavior of IN718 is influenced by
several factors, including solidification under non-thermodynamic equilibrium conditions,
high-temperature gradients, and thermal history during fabrication.

As a result, precipitation, solidification, and reinforcing phase growth mechanisms
can exhibit notable differences compared to traditional manufacturing methods. In their
study, Sanchez et al. [10] show a comprehensive summary of the factors impacting the
functional performance of nickel-based superalloys specifically manufactured using ad-
ditive processes. Morphological defects and microstructures are present and differ from
those obtained using conventional manufacturing techniques. Moreover, microstructural
characteristics and mechanisms such as phase precipitation, textures, and grain sizes vary
from reported thermodynamic predictions. Gallmeyer et al. [11] report that, during the
formation of parts obtained via AM, the precipitation of the δ phase is detrimental and
undesirable during the nucleation process of reinforcing phases such as γ’ and γ′ ′. Naiyuan
Xi et al. [12] established that the configurations of the δ phase have a significant effect on
the plastic deformation of grains, where the large δ phase at the grain boundary limits
the intergranular deformation significantly, but the large intragranular δ phase may cause
strain localization and then lead to rapid failure. In summary, the kind, morphology, and
location of the phases in the AM process make it difficult to understand the solidification
process of the reinforcing phases and, consequently, its impact on mechanical properties.

In a previous work published by our team [13], it has been demonstrated that the
effect of conventional heat treatment [7,8] is different when it is applied to AM-produced
parts of IN718. For this reason, we decided to go further in the investigation, looking
for a TTT diagram that represents the phase transformation as a function of the time and
temperature for AM-produced IN718.

In this paper, experimental and computational approaches were used to study the mi-
crostructure of IN718 produced via powder bed fusion additive manufacturing (PBF-AM).
The presence, chemical composition, and distribution of stable and metastable phases (γ′ ′,
δ, MC, and Laves) were also analyzed. The information obtained from the microstructural
study (grain size and the composition, location, and distribution of the phases) was used
to construct a tailored time–temperature transformation (TTT) diagram customized for
additive manufacturing of IN718. Unlike conventional TTT diagrams for this alloy, the
diagram presented here reveals that the precipitation of the γ′ ′ and δ phases occurs at
lower temperatures and for shorter times in AM-manufactured parts. Significantly, the
superposition of the γ′ ′ and δ phase curves in the proposed diagram underscores the inter-
dependence between these phases. The results could be used as a reference for applying a
heat treatment to an AM-produced IN718 alloy.

2. Materials and Methods

Figure 1 shows a typical IN718 sample manufactured using powder bed fusion (PBF)
technology with an EOSINT M280 3D printer (manufactured by EOS GmbH, Krailling,
Germany) in an inert atmosphere (Argon). The printing parameters were optimized to
produce samples 10 mm × 10 mm × 10 mm in size with a layer thickness of 0.040 mm,
a hatch distance of 0.110 mm, a scan speed of 960 mm/s, a laser power of 285 W, and a
67◦ layer rotation. The chemical composition of the powder was analyzed using a Var-
ian SpectrAA 220 Atomic Absorption Spectrometer (from Varian, Alto Palo, CA, USA).
The measured composition of the powder was as follows: Ni (50.28%), Fe (Balance), Cr
(18.27%), Nb (7.27%), Mo (3.48%), Ti (1.1%), Al (0.45%), and C (0.08%). Thermo-Calc®

software (https://thermocalc.com (accessed on 13 November 2023), Stockholm, Sweden)
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version 2019.1, which uses the CALPHAD method, was utilized to predict the phase equi-
libria in multi-component systems. The Thermo-Calc Nickel-based superalloys databases
(TCNI8, MOBNI4) were used to calculate phase fractions, Scheil–Gulliver solidification,
and diagrams in temperatures ranging from 300 to 1400 ◦C. The simulation parameters
for AM-manufactured goods, such as dislocation density alloys or the wetting angle, were
adopted from the literature [14,15]. Experimental data on morphology and microstructure
used in the simulations were obtained from our previous investigation on IN718 [13].
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Figure 1. Sample of IN718 manufactured via PBF.

The metallographic preparation of the as-built bulk material was carried out. First,
50 mg of material was obtained using a cutting disk from Buehler (Lake Bluff, IL, USA).
Then, this sample was subjected to thermal analysis using a SETSYS Evolution DTA/DSC in-
strument (Setaram Instrumentation, Caluire-et-Cuire, Francia) according to ASTM D3418 [16]
to measure thermal behavior from 25 ◦C to 1400 ◦C. The sample was heated at a rate of
10 ◦C/min and was soaked for 5 min at 1400 ◦C to homogenize it; then, it was cooled at
the same rate.

After the thermal analysis, the sample was prepared for metallographic characteri-
zation. This process involved manual grinding using SiC abrasive paper with grit sizes
ranging from 320 to 2000, followed by polishing down to 0.5 µm using an alcohol-based
diamond suspension and a VibroMet™ machine (Buehler, IL, USA) for 24 h. A Kallings
2 etching step was then applied according to ASTM E407-07 [17], and any residual scratches
and deformed traces were eliminated using an IM4000Plus HITACHI ion milling system
(Hitachi, Tokyo, Japan) with an accelerating voltage of 6 kV and a rotation speed of 25 rpm
for 40 min.

An SEM SU-8230 HITACHI (Hitachi, Tokyo, Japan) equipped with a Bruker e-Flash
HR+ electron backscatter diffraction (EBSD) detector was used to analyze the microstruc-
ture, texture, grain size, and distribution at 15 Kv and magnification between ×35.0 K and
×150 K. Using EBSD analysis, high-resolution images were acquired at a magnification
of ×700, a step size of 1.0 um, and a resolution of 512 × 416 pixels. A grain confidence
index standardization was implemented, with angle tolerance set at 10◦ to ensure accurate
and reliable results. Moreover, a neighbor confidence index correlation was considered,
requiring a threshold of ≥0.1 and a neighbor orientation correlation.

3. Results and Discussion
3.1. Phase Dynamics versus Temperature

Figure 2 illustrates the prevailing phases and precipitates observed in the IN718 alloy,
obtained from Thermo-Calc® software (https://thermocalc.com (accessed on 13 November
2023)) (Stockholm, Sweden). At temperatures below 400 ◦C, the presence of Laves phases
becomes evident. The formation of these intermetallic phases results from the kinetic
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process of the PBF manufacturing process, thermal history, and the availability of chemical
elements. At temperatures above 400 ◦C, the alloy can exhibit the coexistence of stable (δ)
and metastable (γ′ ′) phases with Ni3Nb stoichiometry. The prevalence of each phase is
strongly influenced by the availability of chemical elements and the temperature gradient
experienced during the manufacturing process. Temperatures exceeding 725 ◦C reveal
the precipitation of MC carbides, mainly NbC. The growth of this carbide is dependent
upon the availability of Nb present in the δ and γ′ ′ phases. At the same time, the presence
of available Ni facilitates an increase of the Ni-Fe matrix phase. The impact of these
dissolutions becomes evident through observable slope changes in the quantities of the
matrix phase (green line), the δ phase (orange line), and the γ′ ′ phase (dashed orange line).
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Figure 2. Prediction of phase amounts in the IN718 system for the investigated chemical composition.
The graph showcases stable phases (solid lines) and metastable phases (dashed lines).

The presence of stable and metastable phases in IN718 plays a crucial role in determin-
ing its mechanical properties. The metastable γ′ ′ phase, in particular, acts as the primary
reinforcing precipitate, significantly enhancing the mechanical properties of the alloy. How-
ever, over time and with exposure to elevated temperatures during service conditions,
this metastable phase transforms into the stable phase δ. This phase transformation leads
to changes in the mechanical properties of the material, often resulting in a decrease in
strength and potentially affecting other properties.

According to Rayner et al. [18], there is a relationship between DSC temperature peaks
and phase transformations. In AM, the thermal characteristics of phase diagrams where
there are non-equilibrium thermodynamic conditions cause the formation of metastable
phases. Thus, the Scheil–Gulliver solidification model provides an accurate transition
temperature of the material, determining heat signals associated with the formation of
phases [19].

In Figure 3, the simulation of the solidification profile of the IN718 alloy reveals that
the formation of MC carbides starts at a temperature below 1296 ◦C. In addition, the
simulation also supports the preference for the precipitation of NbC, which is in good
agreement with experimental findings, exhibiting peaks at 1274 and 1253 ◦C, as reported
by other authors [20,21], where all identifications were based on the solidification pattern
Liquid→ Liquid + γ→ Liquid + γ + NbC→ Liquid + γ + NbC + Laves.
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experimental DSC cooling profile (thick blue line) of IN718 obtained via AM.

Within the temperature range of 1185 to 1173 ◦C, the formation of Laves phases is
distinctly detected. As the temperature falls below 1173 ◦C, the availability of chemical
elements facilitates the stoichiometric formation of the Ni3Nb phase. However, precisely
determining the proportions of γ′′ and δ phases in this region remains challenging despite
the Scheil–Gulliver model’s prediction of the formation of γ′ ′. Particularly, simulations
involving diffusive elements show minimal modification to the transformations around
1173 ◦C. The Scheil–Gulliver model is a widely utilized approach for simulating the solid-
ification behavior of alloys [22]. It is well known that non-equilibrium solidification can
induce changes to the solidus temperature due to microsegregation. This phenomenon
manifests as variations in composition at the arms of dendrites, and the final part of the liq-
uid solidifies in interdendritic regions with high concentrations of some alloying elements.
The model accurately predicts the temperature of phase transformations, but it is important
to consider that microsegregation can lead to variations in precipitation temperatures when
different diffusive elements are considered. For example, in IN718, low-solubility elements
such as Nb, Mo, Ti, and C tend to segregate at the interdendritic regions and form MC
carbides and Laves phases [23]. These discrepancies have been observed and reported in
several studies, including the research conducted by Knorovsky et al. [24].

The solidification process is a complex phenomenon subject to the influence of various
factors, such as the kinetics of solute diffusion, the thermodynamics of microsegregation,
and cooling conditions. In the simulation, the diffusion of a single element (Nb, Mo, Al,
Ti, and C) was considered, while the other elements followed the classic behavior of the
Scheil–Gulliver model. Consequently, it became essential to account for additional factors,
including the multicomponent system’s kinetics and the manufacturing technique’s impact
on dendrite geometry and thermal history, to comprehensively understand the process.

Identifying endothermic and exothermic peaks during DSC analysis is crucial in de-
termining critical temperatures, such as the liquidus, eutectic, and nucleation temperatures.
In Figure 4, a broader peak emerges during the heating profile near 1305 ◦C. The onsets of
multiple peaks overlap due to solid solution partial melting, as reported by Han et al. [15],
resulting in a broad peak with changes in its slope. On the other hand, during the cooling
profile near 1342 ◦C, a broad peak is accompanied by three lower-height peaks: the peaks
at 1252 ◦C and 1274 ◦C correspond to MC carbides, while the peak at 1171 ◦C corresponds
to the Laves phase, following the path reported by Shi et al. [20]. Heating and cooling
enthalpy values of 4.698 mJ/K ×mol and 4.596 mJ/K ×mol, respectively, were obtained
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by measuring the area under the curve. This difference is attributed to the exothermic
contribution of the three peaks in the total solidification energy associated with the Laves
phase and the precipitation of γ′ ′, δ, and MC phases during cooling [25].
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obtained via AM. Several peaks are observed during the cooling process, and a broad peak is observed
during the heating. Peak temperatures represent a phase transformation.

3.2. Microstructural Characterization

The manufacturing process conditions deeply influence the microstructure’s morphol-
ogy and crystalline characteristics. As such, it becomes crucial to accurately characterize
the microstructural settings to gain a comprehensive understanding of the mechanical
properties exhibited by AM-produced samples. Scanning electron microscopy (SEM) and
EBSD were employed to identify both morphology and crystallographic orientations within
the microstructure.

Figure 5 offers valuable insights into the microstructure, revealing the presence of
MC precipitates and Laves phases positioned intragranularly, distinguished by diameters
ranging from 0.5 to 2 µm, as reported to occur by Zhao et al. [26] when the high cooling rate
during rapid solidification results in the simultaneous formation of Laves phases and MC
carbides. Nb and Mo promote Laves formation, while Nb and C promote the precipitation
of NbC in interdendritic zones.

The presence of Laves phases in the IN718 alloy significantly impacts its behavior and
composition during additive manufacturing, particularly in processes like powder bed
fusion. Laves phases are Nb-rich intermetallic compounds. The key consequence of the
high concentration of Laves phases is the depletion of Nb in the solid solution, which plays
a critical role in the precipitation of the γ′ ′ phase. Since there is insufficient Nb available for
γ′ ′ formation, the primary reinforcing phase in this alloy, mechanical properties are notably
affected. This depletion of Nb and the consequent alteration in the alloy’s microstructure
can result in reduced strength, toughness, and other mechanical characteristics.

Carbides are located in different zones of the microstructure, within the grain, and at
the grain boundaries. The first ones reduce dislocation movement inside the grains, im-
proving creep resistance and hardness. On the other hand, carbides at the grain boundaries
could be of two types: primary (MC) or secondary carbides (M23C6). The primary carbides
reduce grain sliding, improving the creep resistance. Meanwhile, the secondary carbides
reduce the mechanical properties because they promote intergranular cracking. The control
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of the type and location of carbides can be applied to control the final mechanical properties
after heat treatment.
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Figure 5. SEM and EDS analysis of the microstructure of IN718. The MC precipitates and Laves, and
δ phases were identified through chemical composition, morphology, and distribution.

High cooling rates reduce Nb segregation and the extent of Laves formation. A distinct
δ phase is observed at the grain boundaries, characterized by a needle-like morphology
with lengths of approximately 1 µm. These findings align consistently with the δ phase
prominently detected by DSC measures and the Scheil–Gulliver model simulation at
temperatures below 1173 ◦C.

Figure 6 reveals the presence of γ′ ′, γ′, and δ phases despite these not being detected
by DSC measures. Laves phases constitute approximately 1 to 2% of the microstructural
composition, while NbC carbides contribute 8%. The presence of reinforcing phases γ′ ′,
MC carbides, and Laves phases was confirmed using EBSD, SEM, and EDS in interdendritic
positions, while the δ phase was found to be located at grain boundaries. This information
is consistent with that reported by Hasani et al. [27], who state that the fact δ phase exhibits
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preferential nucleation at grain boundaries can be attributed to the higher concentration of
Nb in these regions. Additionally, δ phase growth predominantly occurs along the grain
boundaries, manifesting as needle-like structures, and is observed in a limited number of
grain interiors at lower temperatures.
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Figure 6. High-magnification SEM images provide a detailed view of the microstructure of IN718.
Notably, reinforcing phases are discerned at the nanometer scale, contrasting with the larger-scale
δ phase.

EBSD analysis (Figure 7) was conducted to identify Ni3Nb, Laves, and NbC carbides
within the microstructure. The γ′ ′, γ′, and the matrix were collectively referred to as
Ni3Nb due to their similar FCC structure and lattice parameters. The coherence between
these phases limits the EBSD technique’s ability to determine their distribution and crystal
orientation accurately [28]. A comparison with SEM morphological shapes from previ-
ous studies was carried out to confirm the presence of Laves and NbC phases [14]. For
identification, the lattice parameters in Å were used: Ni3Nb (a = 3.62, b = 3.62, c = 7.41),
Laves (a = 5.01, b = 5.01, c = 8.06), and NbC (a = 4.40, b = 4.40, c = 4.40). The IPF images
revealed a strong orientation of Ni3Nb on the (010) plane within the grains. Moreover, the
grain boundaries exhibited a higher concentration of NbC and Laves phases with distinct
orientations. SEM imaging facilitated the observation of grain boundaries and anisotropic
grains. The phase distribution analysis showed that NbC carbides were more prevalent
within the grains compared to Laves phases.

The presence of the δ phase at the grain boundary negatively impacted the deformation
capacity, resulting in stress/strain concentration around the grain boundary region, as
discussed by Rielli et al. [23].

51



Materials 2023, 16, 7280

Materials 2023, 16, x FOR PEER REVIEW  9  of  13 
 

 

= 5.01, b = 5.01, c = 8.06), and NbC (a = 4.40, b = 4.40, c = 4.40). The IPF images revealed a 

strong orientation of Ni3Nb on  the  (010) plane within  the grains. Moreover,  the grain 

boundaries exhibited a higher concentration of NbC and Laves phases with distinct ori-

entations. SEM  imaging facilitated the observation of grain boundaries and anisotropic 

grains. The phase distribution analysis showed that NbC carbides were more prevalent 

within the grains compared to Laves phases. 

     

     

Figure 7. EBSD inverse pole figure (IPF) in three axes (a) x, (b) y, (c) z. (d) SEM image, and (e) phase 

distribution of γ′′, Laves, and NbC carbides obtained at 20 Kv and tilt 70°. 

The presence of the δ phase at the grain boundary negatively  impacted the defor-

mation capacity, resulting  in stress/strain concentration around  the grain boundary re-

gion, as discussed by Rielli et al. [23]. 

3.3. TTT Diagram 

Several studies, including [29,30], have extensively investigated the TTT (time–tem-

perature transformation) phase diagrams of IN718 to understand the precipitation kinet-

ics of δ and γ′′ phases. A TTT diagram determines the dominance of either the driving 

force or atomic mobility in the formation of phases and their volume fraction [31]. 

Accurately predicting the phase precipitation is essential for controlling microstruc-

ture and mechanical properties, regardless of the manufacturing process. However, the 

segregation of Nb is significantly influenced by the diffusion of alloys in both interden-

dritic and dendritic regions, as reported here and by other authors [32,33]. Therefore, it is 

imperative  to consider  the  thermal history,  the  initial microstructure, and  the chemical 

composition to construct a reliable TTT diagram that accurately predicts the precipitation 

of phases. 

Figure 8 compares the precipitation of the stable δ phase and the metastable γ′′ phase 

based on temperature and exposure time. The curves show no apparent difference in the 

shape of the “nose” between the spherical (continuous line) and needle-like (dotted line) 

morphologies. Moreover, it provides a comparison between the TTT diagram obtained in 

this work  for AM and  the TTT diagram  for  conventional manufacturing published by 

(a)  (b)  (c) 

(d)  (e) 

Figure 7. EBSD inverse pole figure (IPF) in three axes (a) x, (b) y, (c) z. (d) SEM image, and (e) phase
distribution of γ′ ′, Laves, and NbC carbides obtained at 20 Kv and tilt 70◦.

3.3. TTT Diagram

Several studies, including [29,30], have extensively investigated the TTT (time–temperature
transformation) phase diagrams of IN718 to understand the precipitation kinetics of δ and
γ′ ′ phases. A TTT diagram determines the dominance of either the driving force or atomic
mobility in the formation of phases and their volume fraction [31].

Accurately predicting the phase precipitation is essential for controlling microstructure
and mechanical properties, regardless of the manufacturing process. However, the segrega-
tion of Nb is significantly influenced by the diffusion of alloys in both interdendritic and
dendritic regions, as reported here and by other authors [32,33]. Therefore, it is imperative
to consider the thermal history, the initial microstructure, and the chemical composition to
construct a reliable TTT diagram that accurately predicts the precipitation of phases.

Figure 8 compares the precipitation of the stable δ phase and the metastable γ′ ′ phase
based on temperature and exposure time. The curves show no apparent difference in the
shape of the “nose” between the spherical (continuous line) and needle-like (dotted line)
morphologies. Moreover, it provides a comparison between the TTT diagram obtained
in this work for AM and the TTT diagram for conventional manufacturing published by
Thompson et al. [34]. The difference between the two TTT diagrams results mainly from the
varying chemical compositions and the methods of manufacture. These factors influence
the thermal gradient and dendritic growth in the microstructure, thus modifying the
position of the nose and shape of the profile by shifting it to the left of the diagram, which
indicates faster transformations due to the rapid cooling that occurs during solidification
in additive manufacturing.

The generation of TTT diagrams is affected by various solidification conditions, such
as the cooling rate, the dendritic structure, the precipitation kinetics in dendritic and
inter-dendritic zones, the availability, and local variations of chemical elements for pre-
cipitation, which play significant roles in shaping and positioning the nose of the TTT
diagram [32,33]. The TTT phase diagram proposed in this study is a valuable reference
tool for comprehending and predicting the solidification process, offering critical insights
for controlling and enhancing microstructural properties in additive-manufactured IN718.
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By accounting for a range of thermal and temporal parameters, this diagram facilitates
informed decision-making throughout the manufacturing process, ensuring precise control
over desired phase transformations and ultimately enhancing the overall performance of
IN718 components produced via additive manufacturing.
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diagram of IN718 and others referenced [34].

4. Conclusions

In this study, we conducted both experimental investigations and simulations to gain
deeper insights into the thermodynamic and microstructural behavior of the IN718 alloy
produced via additive manufacturing. Our findings have led to several conclusions:

1. The study successfully predicted the presence of stable and metastable phases and
precipitates for a specific chemical composition of the alloy. However, the complex PBF
manufacturing process induced intricate phase formations, including Laves phases,
which competed with stable and metastable phases such as δ and γ′ ′, ultimately
influencing the chemical composition of the matrix.

2. Using DSC analysis and correlation with the Scheil–Gulliver solidification model,
we highlighted the predominant formation of MC carbides, a result that was further
supported by experimental findings. The presence of Laves phases had significant
implications for the availability of chemical elements. Although quantifying the exact
proportions of γ′ ′ and δ phases in a specific range proved challenging, the correlations
provided valuable insights.

3. Using SEM/EDX/EBSD, it was possible to successfully morphologically identify
phases and precipitates based on their distinctive shapes, chemical compositions, and
spatial distribution within the microstructure. The complexity of the AM production
process significantly influenced the microstructure’s morphological and crystalline
features, emphasizing the need for a thorough understanding of these conditions to
assess the mechanical properties accurately. The confirmation of Laves, MC carbides,
and δ phases through various analytical techniques underscored the complexity of
the microstructure.

4. Furthermore, we showed that a TTT diagram accurately predicts the solidification
process of the δ and γ′ ′ for IN718 superalloy under AM conditions. The comparison
between the precipitation of the stable δ phase and the metastable γ′ ′ highlighted the
limitations of relying solely on TTT diagrams to depict the complete kinetic behavior
of AM-produced samples. Local variations in chemical composition and other factors
influenced thermal gradients and dendritic growth in the microstructure, calling
for further research to comprehensively understand additive manufacturing and
accurately evaluate its mechanical properties.
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5. The tailored TTT diagram provides critical information about the phase transfor-
mations and microstructural evolution that occur during the heat treatment of com-
ponents produced by additive manufacturing. With this knowledge, engineers can
design heat treatment cycles specifically suited for the AM-produced components. By
adjusting the temperature, holding times, and cooling rates based on the TTT diagram,
they can optimize the microstructure to achieve the desired material properties, such
as strength, hardness, and ductility.

Our comprehensive approach, combining experiments and simulations, has signifi-
cantly advanced the understanding of the IN718 alloy’s behavior in additive manufacturing
settings. The knowledge gained from this study can contribute to controlling the microstruc-
tural properties of AM materials for various engineering applications.
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Abstract: This paper presents a hybrid manufacturing process for the preparation of complex cavity
structure parts with high surface quality. Firstly, laser precision packaging technology is utilized to ac-
curately connect a thin plate to a substrate with microchannel. Secondly, Direct Metal Laser-Sintering
(DMLS) technology is utilized to completely shape the part. The morphology and microstructure of
laser encapsulated specimens and DMLS molded parts were investigated. The results show that the
thin plate and the substrate can form a good metallurgical bond. The lowest surface roughness of the
DMLS molded parts was 1.18 µm. The perpendicularity between the top of the microchannel and the
side wall was optimal when the laser power was 240 W. Consequently, the hybrid manufacturing
process effectively solves the problems of poor surface quality and powder sticking of closed inner
cavities. The method effectively eliminates the defects of adhesive powder in the inner cavity of the
DMLS microchannel, improves the finish, and solves the problem that mechanical tools cannot be
processed inside the microchannel, which lays the foundation for the research of DMLS high-quality
microchannel process.

Keywords: hybrid manufacturing; surface quality; microstructure; roughness

1. Introduction

Laser Powder Bed Fusion of Metals (PBF-LB/M) technology has become one of the
most promising advanced technologies due to its advantages of near-net shaping [1–3].
Taking a high-energy laser beam as the energy source, it realizes the rapid and accurate
molding of three-dimensional parts through layer-by-layer superposition [4]. It is gradually
applied to all kinds of parts preparation. Therefore, researchers are increasingly focusing
on the preparation process of various complex shapes and high quality parts. However, the
dimensional accuracy, geometric precision, and surface quality of DMLS parts are not as
good as conventionally machined parts, which has hindered the widespread use of this new
method [5–7]. One of the key issues with this technology is the deleterious surface quality
of the produced parts, which usually requires post-processing. To solve this problem,
post-processing such as milling, sandblasting, and polishing are usually performed [8–10].

Many scholars have proposed additive and subtractive hybrid manufacturing technol-
ogy as a solution to address this problem. Gong et al. [11] utilized additive/subtractive
hybrid manufacturing technology to investigate the densification level, microstructure,
micro-hardness, and residual stress characterization in different zones of the part by manu-
facturing 316L SS specimens. Liou et al. [12] proposed a multi-axis laser cladding hybrid
processing method that combines a five-axis laser cladding system with a mechanical
milling machining center to achieve additive manufacturing of arbitrarily complex shapes
by rotating the table, which improves the processing efficiency. Liu et al. [13] developed a
hybrid selective laser melting (SLM)/CNC milling system and validated it using stainless
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steel 316L, resulting in nearly full dense parts with improved dimensional accuracy and
surface roughness. Li et al. [14] proposed a six-axis robotic arm with additive manufac-
turing and subtractive-machining heads to achieve the additive and subtractive hybrid
manufacturing process. Soshi et al. [15] demonstrated a rapid fabrication of an injection
mold with conformal cooling channels using laser deposition and mechanical machines,
improving the cooling performance. Yan et al. [16] successfully produced TC4 thin-wall
parts with good build strategy through the hybrid manufacturing process. In the study
by Liu et al. [17,18], hybrid additive manufacturing was proposed to improve the surface
quality of additive manufacturing components, and it was found that laser polishing greatly
reduced the surface roughness and improved the mechanical properties.

Yang et al. [19] successfully prepared high-quality 316L parts using a combination of
laser directed energy deposition additive and hot milling cut-off technologies. Through
the optimization of process parameters, the microstructure of the parts was refined, and
the density was high, showing high micro-hardness (246.73 HV) and tensile strength
(683.3 MPa). Du et al. [20] emphasized that additive/subtractive composite manufacturing
technology is an effective method for producing high-performance and complex aerospace
parts. They specifically applied this technology to the production of martensitic aging steel
parts with high density, surface quality, shape, and size accuracy. Jeng et al. [21] developed
a new process by combining the selective laser cladding process with the traditional milling
process for mold manufacturing and repair. Pan et al. [22] proposed the plasma deposi-
tion and milling composite manufacturing process, which greatly enhanced processing
efficiency and accuracy by removing plasma deposition layers using conventional milling
in a layer-by-layer manner. Additionally, Tian et al. [23] successfully designed and imple-
mented a five-axis additive/subtractive composite processing equipment, enabling the
additive/subtractive composite manufacturing of three-dimensional metal parts, including
high-temperature alloys, high-entropy alloys, and titanium alloys.

The above research mainly follows the approach of combining laser manufacturing
with traditional mechanical processing. However, there have been few studies conducted
on the hybrid laser manufacturing of complex inner surface parts, particularly for closed
cavities with intricate and precise shapes. Laser processing can effectively address issues
such as severe tool wear and poor resolution. The stability of the machining process and the
overall quality control of complex internal cavity parts, however, are difficult to achieve.

Therefore, we have investigated the impact of DMLS on thin-walled packages and
its effects on the surface quality and microstructure of the top region within the inner
cavity. In this paper, a hybrid process of laser precision packaging and DMLS is used
to prepare microchannel. Firstly, the cross-sectional morphology of the sheet combined
with the substrate after laser packaging was analyzed. Secondly, the effects of four sets of
DMLS laser power on the morphology and microstructure of the microchannel inner wall
were investigated.

2. Materials and Methods
2.1. Materials

316L SS powders (Chengdu Huayin Powder Technology Co., Ltd., Chengdu, China)
were manufactured through gas-atomization and used in the DMLS manufacturing parts.
The chemical composition of the powders is provided in Table 1. Figure 1 demonstrates
the surface morphology and particle size distribution of the 316L SS powders, with the
majority of the powders exhibiting spherical shapes. Figure 1 indicates that 80% of the
fine powder had a diameter range of 18 µm to 33 µm, with an average particle size of D
determined as 26.03 µm. Dry the powder to 80 ◦C and keep warm for two hours before the
experiment to ensure that the powder does not contain moisture, to avoid the influence of
DMLS. The substrate is a 316L plate with micro-grooves of 1 mm depth and width on the
substrate. A step of 0.1 mm in depth and 0.05 mm in width was reserved on both sides of
the microgroove. The pre-placed thin plates were 316L with width and thickness of 1.1 mm
and 0.1 mm, respectively.
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Table 1. Chemical composition of 316L SS powders (mass fraction %).

Element Cr Ni Mo Mn Si C Fe

316L SS
powder 17.09 10.61 2.38 1.17 0.59 0.013 Bal
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2.2. Hybrid Manufacturing Process

The hybrid manufacturing experiments were carried out using a continuous wave
(CW) laser precision packaging system (Maxphotonics, Shenzhen, China) and DMLS sys-
tem (EOS, Munich, Germany), as shown in Figure 2. The continuous wave laser precision
packaging system consists of a continuous wave laser of power P = 1000 W and wavelength
λ = 1060 nm, a scanning galvanometer, a motion control system, and an inert gas protection
system. DMLS system using EOS-M290 (Beijing Hengshang Technology Co., Ltd., Beijing,
China) (Yb-fiber fiber laser peak power Ppk = 400 W, spot diameter D = 10–500 µm, maxi-
mum scanning speed Vmax = 7 m/s, layer thickness range 20–100 µm, maximum molding
size 250 mm × 250 mm × 325 mm). The experiment was divided into two stages: laser pre-
cision packaging and DMLS manufacturing. First, the thin plate was placed on the matrix
channel and pressurized to carry out laser precision packaging test. The test parameters
are laser power of P = 500 W, a scanning speed of v = 100 mm/s, a defocusing amount of
∆f = 10 mm, rotation radius of δ = 1 mm, and a laser diameter of d = 0.15 mm. Then, DMLS
manufacturing was performed on the packaged and formed samples, and four groups of
samples were prepared by changing the laser power in the test, and the corresponding
parameters are shown in Table 2, where P is the laser power, V is the laser scanning speed,
∆ is the laser scanning distance, and d is the laser spot diameter. Finally, the wire electrical
discharge machining technology is used for cutting and sample preparation. The morphol-
ogy and microstructure were observed via scanning electron microscope (SEM) FEI Quanta
FEG 250(FEI, San Jose, CA, USA) and laser scanning confocal microscope (LSCM) Keyence
VK-X200 K (Keyence, Tokyo, Japan).

Table 2. Parameters for DMLS.

No. P/W V/mm/s ∆/mm d/µm

1 180 920 0.12 30
2 200 920 0.12 30
3 220 920 0.12 30
4 240 920 0.12 30
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3. Results and Discussion
3.1. Surface Topography and Microstructure of the Laser Precision Packaging Specimens

Surface topography and microstructure of the laser precision packaging specimens
were examined in this study (Figure 3). We used laser precision packaging to seal the
top of the micro-channel on the substrate and to precisely connect the two sides of the
micro-channel with a thin plate.
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The analysis results showed that the 0.1mm thin-walled part on the surface of the
micro-channel was precisely packaged with better surface quality compared to other areas.
However, we observed some irregularities in the form of bumps and depressions in the
weld bead, which were attributed to deformation caused by thermal stress in the packaging
area. Specifically, we measured a 33 µm deep dent on the right side of the package zone and
a 25 µm high bump in the left packaging area experimentally. To assess the microstructure
of the packaging area, we utilized scanning electron microscopy (SEM) (Figure 3c,d). The
microstructure analysis revealed no notable defects between the prefabricated thin plate
and the substrate, with a metallurgical bonding observed between them.
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The morphology of the packaging surface, as shown in Figure 3a,b, is relatively flat.
The prefabricated thin plate exhibits minimal deformation, with only slight molten pool
depressions and protrusions observed in the weld area. This suggests that effective control
of thermal stress was achieved during the welding process. Since the DMLS technology can
melt the powder together with the substrate and then cool and mold it, the effect of these
faint bumpy areas on the subsequent DMLS process is negligible. An analysis of the weld
seam (Figure 3c,d) reveals that a metallurgical bond was formed between the prefabricated
thin plate and the substrate. Furthermore, almost no pores or crack defects were found in
the weld seam, indicating a successful welding outcome.

3.2. Surface Topography and Microstructure of the DMLS

The influence of laser power on the top morphology of micro-channels in thin-walled
packages produced through DMLS processes was examined after laser precision packaging.
Laser powers of 180 W, 200 W, 220 W, and 240 W were employed, as shown in Table 2, to
conduct DMLS manufacturing on pre-placed thin plates. Figure 4 presents the outcome
of these experiments, illustrating the effect of laser power on the top morphology of
micro-channels of 316L SS parts manufactured via hybrid laser precision packaging and
DMLS. The experimental findings revealed that the roughness of the top layer of the micro-
channel increased as the laser power increased. Specifically, the roughness values (Ra)
were 1.18 µm, 1.21 µm, 1.31 µm, and 1.36 µm for power outputs of 180 W, 200 W, 220 W,
and 240 W, respectively. The roughness grade reaches approximately Class 7 accuracy, the
state in which machining marks can be seen on the surface of machined parts, but not felt
by hand. Low surface roughness means a high surface finish, which helps reduce stress
concentrations, increase part fatigue strength, and extend service life. However, the change
in roughness was not significant, suggesting that the impact of laser power on roughness is
relatively small. By observing the top and sidewall profiles of the inner channel shown in
Figure 5, it is clear that the top morphology varies under different powers. This variation is
a result of the different thermal effects caused by the diverse heating effects of laser inputs
at different power levels on the preset thin plate. Notably, at a power of 240 W, the top of
the inner channel appears to be the straightest. The performance of the microchannel was
affected by its accuracy, and the size accuracy of the microchannel was influenced by the
DLMS parameters greatly. To this end, reducing the thermal effect on the microchannel
in DMLS process becomes very important. As mentioned above, the best accuracy of
the channel can be obtained when the laser power is 240 W, the laser scanning speed is
920 mm/s, the laser scanning distance is 0.12 mm, and the laser spot diameter is 30 µm.

In order to systematically explore the effect of laser power on the overall quality of
DMLS manufacturing specimens, LSCM and SEM were used to observe the specimen
microstructure. The cross-sectional morphology of the specimens under different laser
powers is shown in Figures 6–9. We observed that a good metallurgical bond could be
formed between the DMLS zone and the thin plate (Figures 6b, 7b, 8b and 9b). The
metallurgical bond allows the molten powder particles to diffuse into the matrix, thus
increasing the bond strength between the both. Further magnification of the bonding
zone between the DMLS zone and the thin plate reveals that the quality of the boundary
of the molten pool after cooling and molding is poor at the power of 180 W and 200 W
(Figures 6c and 7c), and pores are present at the boundary of the molten pool at 180 W.
Smaller unfused defects are present at the junction of the DMLS zone, the laser packaging
zone, and the substrate at 180 W (Figure 6d), which may be caused by poorly bonding the
thin plate to the substrate during the laser precision packaging process. It may be caused
by a poor fit of the thin plate to the substrate during the laser precision packaging process.
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In addition, the presence of a large number of pores and defects in the DMLS manu-
facturing zone (Figure 6e) seriously affects the mechanical properties of the parts, which
is due to the low heat input. With the increase in laser power, the number of pores and
defects in the DMLS zone decreases gradually. When the laser power is 200 W and 220 W,
the number of pores and defects in the DMLS layer decreases and becomes smaller, as
shown in Figures 7e and 8e. As the laser power was further increased to 240 W, no obvious
pores and defects were seen in the sample cross-section (Figure 9e), and its density was
the highest among the four samples. The above defects were mainly attributed to the low
laser power, which resulted in insufficient heat input and failure of the powder to melt
sufficiently, ultimately producing porosity and defects. It is worth noting that the size,
number, morphology, and location of the pores have an important effect on the mechanical
properties of the components, a higher porosity will shorten the fatigue life of the molded
parts, and the pores close to the surface have a greater effect on the fatigue properties of the
molded parts than any other location. Therefore, the best quality of DMLS molding was
achieved with the laser power of 240 W, scanning speed of 920 mm/s, hatching distance
of 0.12 mm, and spot diameter of 30 µm. These pores and defects are mainly caused by
the gas in the molten pool escaping too late and the unstable shape of the molten pool.
Subsequently, process parameters (scanning speed, spot size, defocusing, etc.) can be
optimized to ensure the sealing of the inert gas protected space.

As mentioned above, the DMLS parameters not only influence the accuracy of the
microchannel, but also affect the microstructure and the thermal defects of the component,
which affect the performance and the mechanical properties of the component. And
the best parameter is the laser power of 240 W, scanning speed of 920 mm/s, hatching
distance of 0.12 mm, and spot diameter of 30 µm. With this optimized parameter, a
microchannel was produced as below. After connecting the thin plate to the two sides of
the microchannel via laser precision encapsulation, the microchannel structural member
was successfully formed with high quality by using DMLS technology (EOS, Munich,
Germany) for manufacturing on the thin plate (Figure 10a). The top surface of the internal
cavity does not produce defects such as unmelted particles, the sidewalls are smooth, and
the high-quality connection between the top and the side parts can also be realized as
shown in Figure 10b. Moreover, the optimization of process parameters minimizes the
deformation generated in the packaging area, and the DMLS manufacturing area has no
obvious defects and forms a good metallurgical bond with the thin plate and substrate area.
The microchannel prepared via this hybrid method has potential applications in the field
of microchannels for aero-engine radiators, air-conditioning chillers, water-cooling circuits
for large-scale equipment, etc.

63



Materials 2023, 16, 6406

Figure 10. (a) Microchannel structural parts fabricated via laser hybrid manufacturing; (b) Cross-
sectional morphology of microchannel.

4. Conclusions

In this paper, a novel hybrid manufacturing process is proposed to prepare 316L
microchannel structural parts with high surface quality. The quality of the parts after laser
precision package molding was observed. Then, DMLS manufacturing was carried out on
this basis to explore the effects of different process parameters on the top morphology and
microstructure of the inner cavity. The main experimental results and analysis of this study
can be summarized as follows:

(1) The laser precision packaging process can effectively form a metallurgical bond
between the thin plate and the substrate, which improves the bonding strength
between the thin plate and the substrate. Under the effect of thermal stress, the left
and right sides of the packaging area show a convex mark of 25 µm and a pit of
33 µm, respectively.

(2) By optimizing the DMLS process parameters (P = 180 W, V = 920 mm/s, d = 30 µm,
∆ = 0.12mm), the surface roughness of the complex cavity was greatly reduced to
Ra 1.18 µm.

(3) When the laser power is 240 W, the top of the internal channel seems to be most perpen-
dicular to the sidewalls. And the DMLS areas have the least defects such as porosity.

(4) The hybrid manufacturing process successfully solved the problems of poor surface
quality and powder adhesion in the closed inner cavity, which provides a reference
for the research process of the manufactured microchannel.
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Abstract: Due to the expansion of the use of powder bed fusion metal additive technologies in the
medical field, especially for the realization of dental prostheses, in this paper, the authors propose a
comparative experimental study of the mechanical characteristics and the state of their microscale
surfaces. The comparison was made from material considerations starting from two dental alloys
commonly used to realize dental prostheses: Ni-Cr and Co-Cr, but also technologies for obtaining
selective laser melting (SLM) and conventional casting. In addition, to compare the performances
with the classical casting technology, for the dental prostheses obtained through SLM, the post-
processing stage in which they are in a preliminary finishing and polished state was considered.
Therefore, for the determination of important mechanical characteristics and the comparative study
of dental prostheses, the indentation test was used, after which the hardness, penetration depths
(maximum, permanent, and contact depth), contact stiffness, and contact surface were established,
and for the determination of the microtopography of the surfaces, atomic force microscopy (AFM)
was used, obtaining the local areal roughness parameters at the miniaturized scale—surface average
roughness, root-mean-square roughness (RMS), and peak-to-peak values. Following the research
carried out, several interesting conclusions were drawn, and the superiority of the SLM technology
over the classic casting method for the production of dental prostheses in terms of some mechanical
properties was highlighted. At the same time, the degree of finishing of dental prostheses made by
SLM has a significant impact on the mechanical characteristics and especially the local roughness
parameters on a miniaturized scale, and if we consider the same degree of finishing, no major
differences are observed in the roughness parameters of the surfaces of the prostheses produced by
different technologies.

Keywords: dental prostheses; biomaterials; additive manufacturing; selective laser melting; indentation
test; mechanical characteristics; microtopography; micro-/nano-roughness measurement; atomic
force microscopy

1. Introduction

Metal additive technologies from the powder bed fusion (PBF) family open more
and more opportunities for modern industries due to their ability to generate the most
complicated metal parts with high precision and density in a relatively short time and
enhance the final products in terms of geometrical features and in terms of some physical–
mechanical properties. Selective laser depositions from the category of PBF additive
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technologies consist in applying a thin layer of powder with a fine granulation with a special
leveling device, after which this powder bed is processed by means of a powerful laser
beam or electron beam, melting spherical granules in the place of its projection [1–3]. The
selective laser deposition group of technologies includes Selective Laser Sintering (SLS) [4],
Direct Metal Laser Sintering (DMLS) [5], and selective laser melting (SLM) [6], which have
a similar operating principle, the difference referring to the way the granules are bound. If
in the first two mentioned technologies, powdered particles are processed without passing
into the liquid phase (they heat up less, and sintering is the base) in the SLM process, more
powerful lasers are used leading to the complete melting of the powder particles [1–3,7–9].
With the help of SLM technology, denser structures with better mechanical and surface
characteristics are obtained due to the processing conditions and peculiarities, and the
field of applicability is a wider one than in the case of other selective laser deposition
technologies; but despite all this, the price of SLM equipment is generally higher than
DMLS equipment, especially SLS equipment (which usually works with polymers or other
non-metallic powders) [1–3,7–9]. All equipment control is performed with the help of a
process computer in which the digital model of the future printing structure is loaded. This
digital model is preprocessed in the software systems of the equipment in which sacrifice
layers are created, scanning and selective processing trajectories are generated for all layers
of the structure, important working parameters and specific processing parameters are set
for processing a particular material, etc. [1,2]. Electron beam melting (EBM) is an additive
processing method that belongs to the PBF category and has working principles similar to
selective laser methods. In the case of EBM technology, electron beams are used instead of
laser beams to selectively process powdered layers in a vacuum chamber, and only metallic
conductive materials can be processed [10]. An alternative to PBF technologies is the metal
additive technology, DED (Directed Energy Deposition) [11,12], in which the material in
powder or wire form is delivered, melted (with the help of laser beam, electron beams, or
arc plasma), and deposited at the same time on a substrate, somewhat similar to the classic
additive technology, FDM (Fused Deposition Modelling) [13].

Some of the most frequently used raw materials for the family of PBF technologies
are powders from alloys based on cobalt–chromium [14], nickel–chromium [15], various
types of steel [16], aluminum [17], noble metals and some of their alloys [18], tungsten [19],
titanium and its alloys [20], and powders from non-metallic materials (used more in SLS
technology)—polymers [21], composites [22], or even ceramics [23].

The additive technology used to produce the dental prostheses in this paper is the SLM
method, which has spectacular strengths and advantages [1–3,8,9,24–27] and is integrated
into many important applications and offers new horizons for improving efficiency and
capabilities in various fields [28–30], especially the medical field [31–37] and the dental
field [1,2,38,39]. Even if the performance of dental prostheses made by SLM technology is
worthy of appreciation, there are obviously some disadvantages; for example, the condition
of initially obtained surfaces that are rough and require post-processing operations to obtain
the right surface quality for the application in which they are provided [1,2,8,9,27]. The
problem related to the poor quality of the initial surfaces obtained by selective laser melting
technology is solved and compensated with the help of finishing [40] and mechanical [41]
or electrochemical polishing methods [42]. These post-processing operations play a decisive
role in the durability and future performance of dental prostheses [1,2]. First, there is a
very close relationship between roughness and the mechanical properties of the prosthesis;
rougher surfaces negatively affect wear resistance and fatigue characteristics, and it is
common knowledge that cracks and other mechanical drawbacks occur on the surfaces
of prostheses with higher roughness values, and even micro-level defects can contribute
to the decrease in several mechanical features and affect the biofunctionality or may even
cause the total failure of the prosthetic component [2,43,44]. Furthermore, there are also
biological reasons to have a surface with the lowest possible roughness parameters because
rougher surfaces facilitate the adhesion and retention of some inopportune and undesired
microbial species that can affect the body with various local or even systemic medical
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problems [2,43,44]. Therefore, it is clear that the post-processing techniques of finishing and
polishing the prosthetic components obtained through SLM technology have a fundamental
and determining role in minimizing mechanical and biological threats and in increasing
durability and mechanical characteristics and fulfilling the functional and anatomical role
of the prosthesis [2].

With the advent and accelerated integration of additive manufacturing methods in
the medical and dental fields, the scientific community has shown a constant interest in
the research topic related to the properties of structures made by these technologies to
evaluate, compare with classical technologies, and find viable solutions with the aim to
improve the functionality and applicability of prosthetic components. For example, Øilo
et al. [45] and Zhou et al. [46] comparatively researched the performances of the resulting
mechanical characteristics for the structures made by SLM from a Co-Cr alloy with those
made by classical casting and milling methods, and the results in both cases showed a
significant influence of the production methods on the mechanical properties, and in the
parts made by additive technologies, higher hardness values were obtained compared to
the case of classic technologies. Han et al. [47] share the same opinion and conclude that
better results can be obtained for dental prostheses using selective laser melting technology
than traditional technologies. So, the superiority of SLM technology compared to the classic
technologies for the realization of dental prostheses has been demonstrated, but this is
also valued due to the corresponding post-processing finishing technologies that were
used and contributed to the improvement of the roughness and the establishment of the
respective final mechanical properties. Thus, the problem of the roughness of the parts
made by SLM is of interest among researchers. Baciu et al. [48] analyzed the quality of the
surfaces resulting from sand-blasting operations and observed how the mechanical and
surface parameters improved after these operations, considering that 3D printed structures
through SLM technology must be post-processed to be compliant for medical applications.
In another work, Shu et al. [49] characterized the surface of dental implants made by
selective laser melting both at the micro-level with the help of a 3D profilometer, and also
at the nano-level with the help of atomic force microscopy.

Considering the lines discussed previously, the main objective of this paper is the
evaluation of the mechanical properties and the zonal roughness parameters at the nano-
scale level for the dental prostheses obtained by the PBF selective laser melting additive
technology in the function of the material, execution, and post-processing technology.
In order to assess some mechanical characteristics of dental prostheses, a standardized
indentation test detailed in the next chapter was used, after which indentation hardness
at specific applied test methodology, deformation level/penetration depths (maximum
displacement/maximum indentation depth, zero displacement/permanent indentation
depth, and contact depth), contact stiffness, and contact surface were determined. As a
comparison term for the indentation test, dental prostheses made by SLM from two different
materials, Co-Cr and Ni-Cr alloys and Co-Cr metal structure obtained by casting from a
metal–ceramic dental prosthesis, were used. In turn, the dental prosthesis obtained by SLM
was tested in two variants—preliminarily finished and polished condition. Regarding the
establishment of parameters related to the quality of surfaces at the nano-scale, but also
to establish the microtopography of the surfaces of dental prostheses executed by SLM,
an AFM microscope was used following the values determined for Sa (surface average
roughness), Sq (RMS roughness), and Sy (peak-to-peak values—distance between the
extremities of the irregularities). For this purpose, two dental prostheses made of a Co-Cr
alloy obtained through SLM (finished and polished) and a dental prosthesis obtained
through casting were used. Following the research carried out in this paper, conclusive
and interesting results were obtained that demonstrate the strengths of the structures
obtained through SLM in terms of mechanical properties and reflect the way in which
post-processing operations influence the mechanical and surface characteristics of the
dental prostheses made by selective laser melting. Also, mechanical characteristics values
and parameters related to surface quality values were determined and compared from
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several perspectives: the material of the prosthesis (Co-Cr and Ni-Cr), the production
technology (SLM and casting), and the stage of post-processing (finished and polished) for
the appreciation of the mechanical characteristics, and the production technology (SLM
and casting) and the stage of post-processing (finished and polished) to assess the zonal
roughness parameters.

2. Materials and Methods
2.1. Materials and Technologies Used

As discussed in the previous chapter, comparative experimental research was per-
formed from three perspectives: depending on the material, the realization technology, and
the post-processing technology. Therefore, a total of 4 denture specimens were used for the
mechanical indentation tests (Figure 1) as follows:

- Dental crown made by SLM from a Ni-Cr alloy in a preliminary finished state (Figure 1a).
- The mechanical substructure made of a Co-Cr alloy within a metal–ceramic prosthesis,

the post-processing state is in polishing conditions and it is practically ready for
functional use (Figure 1b).

- Complex prosthesis consisting of several dental structures made by SLM from a Co-Cr
alloy in a preliminary finished state. For the mechanical tests, a unitary specimen was
used that was sectioned from the entire prosthesis in order not to affect the compliance
of the samples and fix them better on the experimental stand platform (Figure 1c).

- Complex prosthesis consisting of several dental structures made by SLM of a Co-Cr
alloy in a polished state. For the same reasons as in the case of the finished Co-Cr
prosthesis, a unitary specimen of the dental structure was used, which was sectioned
from the entire prosthesis (Figure 1d).
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The dental prostheses presented in Figure 1 were executed at an anatomically accurate
scale based on the teeth of a real-life patient.

In the case of the tests regarding the microtopography and the quality of the surfaces
of the prosthetic components, the same three Co-Cr prostheses were used (the two man-
ufactured by SLM and one by casting); the Ni-Cr dental crown did not intervene in the
study because it was considered more evaluation of the prostheses made by SLM regarding
the quality of the surfaces depending on the post-processing stage and the comparison
with the prostheses made by classical methods. As comparison criteria, we have prosthe-
ses made of two different materials, Co-Cr and Ni-Cr, with the same degree of finishing
(only for mechanical tests), prostheses made by different technologies, SLM and casting
with the same degree of finishing from almost the same material (tests mechanical and
surface), prostheses to which different degrees of finishing/post-processing were applied,
and finished SLM prosthesis and polished SLM prosthesis (mechanical and surface tests).

The dental prostheses used in this study were made by SLM technology and are based
on fine-grained powders of alloys based on Co-Cr (tungsten, molybdenum, and silicon are
also contained in the alloy) and alloys based on Ni-Cr (molybdenum, silicon, niobium, and
aluminum are also contained in the alloy). After completion, considering the quality of the
resulting initial surfaces that left much to be desired, which is a phenomenon specific to
powder bed fusion type additive technologies, post-processing operations were gradually
applied to them, such as preliminary finishing and mechanical polishing with fine abrasive
particles. More details regarding the process of making and post-processing SLM dental
prostheses, as well as other particularities, can be found in some previous studies [1,2,50].
Regarding the prosthesis made by classical methods, casting technology was used, and
appropriate post-processing operations were used in order to be able to apply the ceramic
layer and be ready for biofunctional conditions.

The dental prostheses made with SLM additive technology from materials used in this
study were analyzed from the point of view of the elemental composition with the help of
scanning electron microscopy (SEM) and energy-dispersive X-ray spectroscopy (EDS) by
means of the Thermo Fisher Scientific (Waltham, MA, USA) Phenom ProX analysis system
because the structures made do not always fully correspond to the composition specified
in the technical data sheet of the raw material [1,2].

Figure 2 represents SEM images (magnification 500×) of one of the investigated points
together with the corresponding EDS results for Co-Cr and Ni-Cr dental prostheses realized
via SLM [2]. Tables 1 and 2 present the obtained results regarding the average atomic and
mass concentrations with one standard deviation (SD) established in six different points on
the surface of the cobalt–chromium and five different points on the surface of the nickel–
chromium SLM dental prostheses using elemental analysis by EDS spectroscopy [2,51,52].

Table 1. Average atomic and mass concentrations with a standard deviation of a Co-Cr alloy dental
prosthesis realized via selective laser melting [2].

Co Cr W Mo Si

at% 54.49 ± 1.44 26.15 ± 0.49 9.29 ± 1.54 4.86 ± 0.33 5.21 ± 0.44
wt% 46.65 ± 2.57 19.75 ± 0.92 24.71 ± 3.45 6.76 ± 0.40 2.13 ± 0.20

Table 2. Average atomic and mass concentrations with a standard deviation of a Ni-Cr alloy dental
prosthesis realized via selective laser melting [2].

Ni Cr Mo Si Nb Al

at% 63.90 ± 1.76 25.74 ± 0.66 6.30 ± 1.15 2.61 ± 0.71 0.82 ± 0.24 0.63 ± 0.44
wt% 64.02 ± 2.11 22.85 ± 0.63 10.30 ± 1.85 1.25 ± 0.33 1.29 ± 0.38 0.29 ± 0.20
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2.2. Indentation Test of Dental Prostheses

Indentation testing, a well-known procedure, was used to determine the mechanical
characteristics of the dental prosthesis samples. The tests were performed on a Bruker
(Billerica, MA, USA, former CETR (Campbell, CA, USA)) UMT II Multi-Specimen Test
System. The UMT II machine was equipped with a DFH-5 2-dimensional force sensor that
has a range of 0.5 to 50 N and a resolution of 2.5 mN. In addition, a suspension for the DFH
model force sensor was used to maintain the loading force as stable as possible. To measure
the displacement, a capacitance sensor with a range of 254 µm and a resolution of 0.01 µm
was used. The testing rig setup is presented in Figure 3.

The Indentation tests were performed based on the guidelines of the ISO 14577-1:2015
standard [53]. For these tests, a Rockwell diamond spherical tipped conical indenter that
has a 120◦ angle and a 200 µm radius was used. The selected testing procedure was
force-controlled and consisted of three steps, as seen in Figure 4. During the first step,
which has 40 s and is called the loading step, the indenter penetrates the material while the
applied normal loading force increases constantly for 0 to 25 N. The second step is called
the holding stepIse the force is kept constant during a 30 s period. In the third and last step,
called the unloading step, the force decreases constantly from 25 to 0 N over a 40 s period.
The test force, Fn, the corresponding indentation depth, h, and testing time were recorded
during the whole test procedure. All tests were performed at a temperature of 25 ◦C. To
minimize errors, three tests were performed for each sample.
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Based on the normal force and the indentation depth, the post-processing software of
the UMT II Test System (Data Viewer 2.16) can automatically determine the indentation
hardness (HIT), the maximum displacement, the zero displacement, the contact depth, the
contact area, and the contact stiffness (S = dFn/dh).

The indentation hardness, which is a measure of the resistance to permanent penetra-
tion or damage, is calculated as [53]:

HIT =
Fmax

Ap(hc)
, (1)

where Fmax is the maximum indentation force, Ap(hc) is the projected (cross-sectional)
contact area between the indenter and the test sample, and hc is the depth of the contact of
the indenter with the test sample at Fmax.
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2.3. Surface Characteristics Measurement of Dental Prostheses

Given the influence of denture surface roughness on mechanical characteristics and
durability over time, but also biological considerations, issues discussed in Section 1, such
as the dental prostheses used in this study, were investigated from the point of view of
microtopography, and the main roughness parameters were determined.

For this purpose, we used dental prostheses made by SLM technology from Co-Cr in
the finished and polished states to observe how roughness parameters vary depending on
the degree of post-processing, but also the Co-Cr metal substructure of the metal–ceramic
prosthesis realized through classical casting technology by comparing and analyzing
whether the method of obtaining has an impact on the condition of surfaces.

The microtopographic analysis and determination of the main roughness parameters
of the dental prostheses took place with the help of an NT-MDT Spectrum Instruments
(Limerick, Ireland) NTEGRA Probe NanoLaboratory AFM microscope; the prosthesis on
the equipment platform used is presented in Figure 5. This type of microscopy is based
on determining the force between a small tip and the area of interest whose roughness
parameters are to be established using a cantilever with a sharp tip at the end, and the force
acting on the tip after interaction with the area of interest causes the cantilever to bend.
By determining the deformation of the cantilever, it is possible to establish the force that
occurs at the interaction between the peak and the evaluated area, and by writing down
and processing these small deflections of the cantilever, surface topographies can be made
by means of the atomic force microscope [2,54,55].

Materials 2023, 16, x FOR PEER REVIEW 8 of 21 
 

 

2.3. Surface Characteristics Measurement of Dental Prostheses 
Given the influence of denture surface roughness on mechanical characteristics and 

durability over time, but also biological considerations, issues discussed in Section 1, such 
as the dental prostheses used in this study, were investigated from the point of view of 
microtopography, and the main roughness parameters were determined. 

For this purpose, we used dental prostheses made by SLM technology from Co-Cr in 
the finished and polished states to observe how roughness parameters vary depending on 
the degree of post-processing, but also the Co-Cr metal substructure of the metal–ceramic 
prosthesis realized through classical casting technology by comparing and analyzing 
whether the method of obtaining has an impact on the condition of surfaces. 

The microtopographic analysis and determination of the main roughness parameters 
of the dental prostheses took place with the help of an NT-MDT Spectrum Instruments 
(Limerick, Ireland) NTEGRA Probe NanoLaboratory AFM microscope; the prosthesis on 
the equipment platform used is presented in Figure 5. This type of microscopy is based 
on determining the force between a small tip and the area of interest whose roughness 
parameters are to be established using a cantilever with a sharp tip at the end, and the 
force acting on the tip after interaction with the area of interest causes the cantilever to 
bend. By determining the deformation of the cantilever, it is possible to establish the force 
that occurs at the interaction between the peak and the evaluated area, and by writing 
down and processing these small deflections of the cantilever, surface topographies can 
be made by means of the atomic force microscope [2,54,55]. 

 
Figure 5. Dental prosthesis on the work platform of an AFM microscope. 

The aim of the research is to determine the zonal–local condition of surfaces through 
microtopography and the nano-roughness of dentures and assess how technology and the 
post-processing stage influence these aspects at a miniaturized scale. These determina-
tions were based on choosing and scanning 100 × 100 µm areas (from an initial global 800 
× 1000 µm area) from different regions on the surface of the 3 prostheses in the study, and 
then the parameters of interest were evaluated and processed by the AFM equipment soft-
ware (Nova software). The parameters of interest refer to the areal parameters of 

Figure 5. Dental prosthesis on the work platform of an AFM microscope.

The aim of the research is to determine the zonal–local condition of surfaces through
microtopography and the nano-roughness of dentures and assess how technology and
the post-processing stage influence these aspects at a miniaturized scale. These determi-
nations were based on choosing and scanning 100 × 100 µm areas (from an initial global
800 × 1000 µm area) from different regions on the surface of the 3 prostheses in the study,
and then the parameters of interest were evaluated and processed by the AFM equipment
software (Nova software). The parameters of interest refer to the areal parameters of rough-
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ness: average roughness (Sa), the equivalent arithmetical mean height (Ra parameter of a
line) for the surface that expresses the average roughness of the absolute ordinate (vertical)
Z axis in a given area (x, y); the root-mean-square parameter of roughness, the RMS (Sq)
of ordinate (vertical) values in a given area; and the distance between the extremities of
irregularities, namely the distance between the highest and the lowest point in a given
area, the peak-to-peak value (Sy). Equations (2)–(4) show the relationships with which
the previously discussed roughness parameters can be calculated, where A is a given
area [56,57].

Sa =
1
A

x

A

|Z(x, y)|dxdy (2)

Sq =

√
1
A

x

A

Z2(x, y)dxdy (3)

Sy = max(Z(x, y)) + |min(Z(x, y))| (4)

It should be mentioned that the selection of relatively smooth areas at this scale and
the avoidance of areas with considerable surface microdefects from the global area initially
scanned for all the surfaces of the investigated prosthetic components were taken into
account, the final goal was not necessarily to find out the roughness parameters at a global
level but at the zonal–local level, and practically to determine the roughness parameters
close to the minimum ones in the respective analyzed area and thus see what impact post-
processing technologies have at a miniaturized scale by taking into account the problems
that may arise due to surface microdefects or biological reasons [2,43,44]. To obtain more
conclusive results, three determinations were performed for each sample in different areas
of the prostheses.

3. Results
3.1. Results of the Mechanical Characteristics of Dental Prostheses Obtained after an
Indentation Test

Based on the indentation tests, we were able to determine the following mechanical
properties of the investigated dental prostheses: indentation hardness, HIT 25/40/30/40
(where 25 is the test force, in Newtons, 40 is the application time of test force, in seconds,
30 is the holding time of the test force at maximum test force, in seconds, and 40 is the
time taken to remove the test force, in seconds), deformation level after indentation, and
three parameters of penetration depth—maximum displacement (maximum indentation
depth at maximum applied force), zero displacement (permanent indentation depth, which
remained in the structure after the removal of the load), and contact depth (depth of the
contact of the diamond indenter with the examined structure at the maximum applied load),
and also contact stiffness and contact area. Four samples were tested: a dental prosthesis
made by SLM from a Ni-Cr alloy with a finished surface, a dental prosthesis made by
SLM from a Co-Cr alloy in polished conditions and one with a finished surface, and a
prosthesis made from a Co-Cr metal structure obtained by casting from a metal–ceramic
dental prosthesis. The tests were performed three times for each sample, and the results are
presented in Table 3, where the average value was calculated for each parameter. Regarding
the results obtained for the indentation hardness determined under the conditions described
above, an average value of 0.841 GPa was obtained for the dental prosthesis made of Ni-Cr
in the finished state made by selective laser melting and a comparable value of 1.636 GPa
and 1.683 GPa for the average hardness values were obtained for the polished Co-Cr
cast prosthesis and the finished SLM Co-Cr prosthesis, respectively. In the case of the
dental prosthesis made by SLM in a polished state, a higher average hardness value
was obtained—2.252 GPa. For the resistance to indentation deformability, the maximum
deformation reached (maximum displacement), the remaining deformation after releasing
the load (zero displacement), and the depth of contact of the indenter with the specimen
(contact depth) were determined. Regarding the maximum displacement achieved in
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the structure, the lowest value results from the polished prosthetic component made by
selective laser melting—the average value for the three tests was 14.872 µm, which was the
most resistant to deformability among the investigated structures. For the other prosthetic
components, we obtained average values for maximum displacement as follows: 35.41 µm
for the finished Ni-Cr SLM prosthesis, 20.699 µm for the polished Co-Cr cast prosthesis,
and 20.154 µm for the finished SLM Co-Cr prosthesis.

Table 3. Resulting mechanical characteristics from the indentation tests of the dental prostheses.

Property

Material Ni-Cr Co-Cr Co-Cr Co-Cr

Method SLM Casting SLM SLM

Post-Process Finished Polished Finished Polished

Hardness [GPa]
HIT 25/40/30/40

1 0.866 1.824 1.607 1.892
2 0.843 1.648 1.7 2.581
3 0.815 1.437 1.741 2.252

Average 0.841 1.636 1.683 2.242

Max. displ. [µm]

1 33.789 18.542 20.921 16.433
2 35.316 20.177 19.875 12.906
3 37.13 23.378 19.665 15.278

Average 35.41 20.699 20.154 14.872

Zero displ. [µm]

1 17.759 6.193 7.147 8.279
2 17.828 7.077 6.682 4.953
3 18.138 8.077 6.41 5.883

Average 17.908 7.116 6.746 6.372

Contact depth [µm]

1 24.369 11.177 12.74 10.763
2 25.079 12.405 12.02 7.829
3 26.012 14.289 11.728 9.001

Average 25.153 12.624 12.163 9.198

Contact stiffness
[N/µm]

1 1.903 2.536 2.283 3.293
2 1.752 2.403 2.378 3.678
3 1.613 2.053 2.353 2.975

Average 1.756 2.331 2.338 3.315

Contact area [µm2]

1 28,757.482 13,653.115 15,500.097 13,161.51
2 29,539.568 15,105.065 14,650.44 9646.015
3 30,562.315 17,315.117 14,305.369 11,056.454

Average 29,619.788 15,357.766 14,818.635 11,287.993

In terms of zero displacement, or residual deformation, things are about the same
but with much closer differences for the values obtained for the dental prostheses used
in the study: 17.908 µm for the finished Ni-Cr SLM prosthesis, 7.116 µm for the polished
Co-Cr cast prosthesis, 6.746 µm for the finished SLM Co-Cr prosthesis, and 6.372 µm for
the polished SLM Co-Cr prosthesis. Regarding the contact depth results, we obtained
the following results: 25.153 µm for the finished Ni-Cr SLM prosthesis, 12.624 µm for
the polished Co-Cr cast prosthesis, 12.163 µm for the finished SLM Co-Cr prosthesis, and
9.198 µm for the polished SLM Co-Cr prosthesis.

The lowest average contact stiffness is obtained for the finished Ni-Cr SLM prosthesis—
1.756 N/µm, and the highest value for the polished SLM Co-Cr prosthesis—3.315 N/µm.
For the polished Co-Cr cast prosthesis and the finished SLM Co-Cr prosthesis, almost equal
values are obtained again—2.331 N/µm and 2.338 N/µm, respectively. And finally, for the
contact area, the following average values resulted: 26,619.788 µm2 for the finished Ni-Cr
SLM prosthesis, 15,357.766 µm2 for the polished Co-Cr cast prosthesis, 14,818.635 µm2

for the finished SLM Co-Cr prosthesis, and 11,287.993 µm2 for the polished SLM Co-
Cr prosthesis.
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Also, based on the research carried out, we determined the indentation behavior of
the deformation depending on the applied load according to the methodology described
previously and presented in Figure 4. Figure 6 shows the indentation depth displacement
behavior of the SLM-manufactured dental prostheses in a finished state in all three inves-
tigated zones, and Figure 7 presents the indentation depth displacement behavior of the
dental prostheses in the polished state in all three investigated zones (the three tests are
differentiated according to the style of the curved line—a continuous line for the first test, a
broken line for the second test, and a dotted line for the third test).
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As can be seen in the graphs, there are three distinct areas: when the deformation 
increases with the force up to 25 N (loading step from research methodology), a smaller 
area where the deformation increases even though the force remains constant at 25 N 
(holding step from research methodology), and at the end of this step the maximum dis-
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Figure 6. Indentation depth displacement behavior of SLM-manufactured dental prostheses in the
finished state—Ni-Cr (a) and Co-Cr (b) in three different zones (differentiated according to the style
of the curved line).

As can be seen in the graphs, there are three distinct areas: when the deformation
increases with the force up to 25 N (loading step from research methodology), a smaller
area where the deformation increases even though the force remains constant at 25 N
(holding step from research methodology), and at the end of this step the maximum
displacement value is obtained, and an area where the deformation decreases as the force
decreases (unloading step from methodology), finally reaching the residual deformation
(zero displacement or permanent indentation depth value). Both in the graphs discussed in
this chapter and the following comparative graphs in the Discussions chapter, the same
chromatic highlight rule will be kept: brown color for the finished Ni-Cr SLM prosthesis
characteristics, purple color for the polished Co-Cr cast prosthesis characteristics, blue
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color for the finished Co-Cr SLM prosthesis characteristics, and green color for the polished
Co-Cr SLM prosthesis characteristics. More details regarding the interpretation of the
results and the observations made following the indentation tests and the determination
of some mechanical characteristics for dental prosthetic components can be found in the
Discussions chapter.
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Cr obtained by casting (a) and Co-Cr (b) obtained by SLM in three different zones (differentiated
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3.2. Microtopography and Zonal Nano-Roughness Results of Dental Prostheses Obtained by AFM

As stated in Section 2.3, the main purpose was to determine the topography and areal
roughness parameters at the zonal–local level. Therefore, in the initial phase, an area of
1000 × 800 µm was scanned on the surfaces of the dental prostheses, from which later,
through the AFM microscope Nova software, different surfaces of 100 × 100 µm were
selected on which the surface evaluations were made. These dimensions of 100 × 100 µm
were a criterion applied to all denture surfaces in this study. The equipment program can
give us information about the state of the surfaces in 2D format, where the differentiation
of higher or lower regions is performed on a color scale, as well as in 3D format, in which
the topography of the surfaces can be generated with details about the relief and the
distribution of irregularities on the respective.

Figure 8 shows the microtopographies obtained for some areas of 100 × 100 µm (X
and Y axes) on the surfaces of the investigated dentures; the surface irregularities were
identified on the Z axis. The high peaks are much more pronounced for the SLM dental
prostheses in the finished state (Figure 8a) than the polished dental prosthetic components.
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There are no major differences between the microtopographic images obtained for the
polished SLM prosthesis (Figure 8b) and the cast prosthesis in a polished state (Figure 8c),
except that perhaps at the prosthetic structure made by selective laser melting, a smaller
difference between the highest and lowest regions on the surface and a more uniform and
dense distribution of irregularities on the surface can be observed.
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It should be mentioned that the reference point for each investigated area is not zero,
it depends on the placement of the prosthesis on the measuring platform of the equipment,
and this aspect can be seen in the values on the Z axis from the microtopographic images.
This does not affect the values of the established roughness parameters; basically, the
difference between the highest and the lowest value on the Z axis is actually the peak-to-
peak value (Sy).
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Also, following the measurement on the AFM microscope, information can be gener-
ated regarding the average profile on the X and Y axes, the histogram of the measurement,
and the values of the determined roughness parameters. Table 4 shows the results ob-
tained for the main parameters from zonal nano-roughness determinations on the AFM
microscope. In addition to the results illustrated in the table, other parameters can also be
determined on the AFM microscope: the maximum and minimum point in the investigated
area (the difference between them being the Sy parameter), ten-point height value (Sz),
surface skewness (Ssk), coefficient of kurtosis (Ska), and other parameters related to the
condition of the surfaces [2,54,55].

Table 4. Resulting main parameters from zonal nano-roughness determinations on an AFM microscope.

Parameter

Material Co-Cr Co-Cr Co-Cr

Method SLM SLM Casting

Post-Process Finished Polished Polished

Average roughness
Sa (nm)

1 6.81 4.53 3.37
2 9.80 2.78 3.72
3 6.64 2.95 3.50

Average 7.75 3.42 3.53

Root-mean-square
Sq (nm)

1 9.68 5.62 4.30
2 15.06 3.46 4.81
3 9.47 3.67 4.50

Average 11.40 4.25 4.54

Peak-to-peak
Sy (nm)

1 94.03 38.09 38.32
2 183.23 30.94 45.41
3 94.03 28.56 42.57

Average 123.76 32.53 42.10

All the results obtained and illustrated in Table 4 were rounded to two decimal places.
Therefore, after calculating the average of the values obtained for the three areas considered
in this study, the following results regarding the zonal–local roughness can be highlighted.
In the case of the finished SLM prosthesis, there was an average roughness of 7.75 nm, an
average RMS value of 11.40 nm, and an average peak-to-peak value of 123.76 nm; in the
case of the polished SLM prosthesis, there was an average roughness of 3.42 nm, an average
RMS value of 4.25 nm, and an average peak-to-peak value of 32.53 nm; in the case of the
polished cast prosthesis, there was an average roughness of 3.53 nm, an average RMS value
of 4.54 nm, and an average peak-to-peak value of 42.10 nm. The results obtained regarding
the microtopography and nano-roughness of the surfaces of dental prostheses provide
interesting conclusions regarding the impact of post-processing operations on the quality
of the resulting surfaces, and discussions on this topic are developed in the next chapter.

4. Discussions
4.1. Mechanical Characteristics

A comparative graphical analysis of the load-depth curves for the indentations with
the highest displacement (the most affected zone by the indentation) for the four prostheses
samples can be seen in Figure 9. These curves indicate a visco-elasto-plastic behavior for
all four samples, with an emphasis on the polished SLM Co-Cr sample. Furthermore, it
can be clearly seen that the Ni-Cr sample has a much higher deformation than the Co-Cr
samples, both in terms of maximum displacement (the penetration depth at the end of the
holding stage) and zero displacement (the residual plastic deformation at the end of the
unloading stage). Also, the Ni-Cr prosthesis shows the greatest increase in indentation
creep deformation (indentation deformation during the holding step). For the Co-Cr
samples, it can be also highlighted that plastic deformation is not significantly influenced
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by post-processing operations, but the elastic deformation (difference between zero and
maximum displacement) is. The polished SLM sample has a lower elastic deformation
than the finished ones and the casted one, indicating that it is the hardest to deform.
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Figure 9. Comparison of indentation load-depth (displacement) curves for the dental prostheses in
the most affected zone.

To better analyze the results, a graphical comparison of the average values of the
mechanical characteristics obtained from the indentation tests was performed and can
be seen in the diagrams presented in Figure 10. As expected, the Co-Cr samples, due to
the presence of tungsten in their composition, have better mechanical properties and are
deformed less than the Ni-Cr one.

By comparing the average results for the finished and polished SLM prostheses, we
can see that the post-processing operation applied to the surface has a significant impact
on the indentation behavior of the material. Polishing the surface of the prosthesis leads
to a 33.2% increase in hardness and a 41.8% increase in the contact stiffness compared to
the finished surface. Regarding the indentation deformations, we can observe that the
polishing of the SLM dental prosthesis compared to the preliminarily finishing process has
the following effects: a 26.2% decrease in the maximum displacement, a 5.5% decrease in
the zero displacement, a 24.4% decrease in the contact depth, and a 23.8% decrease in the
contact area.

The method by which the samples are made influences their mechanical properties.
This can be seen by comparing the average results of the polished SLM Co-Cr sample
and the casted Co-Cr sample. The SLM prosthesis has a 37% higher hardness and a 42.2%
higher contact stiffness than that obtained through casting. Furthermore, the polished
SLM prosthesis deforms significantly less than the traditionally manufactured one: a 28.1%
lower maximum displacement and a 10.5% lower zero displacement, and a 27.1% lower
contact depth and a 26.5% contact area than the polished casted one. In terms of mechanical
properties and deformation, the polished casted Co-Cr sample has results similar to the
finished SLM sample with comparable values for all investigated parameters.

If we consider the same manufacturing technology and the same post-processing
step (finishing) by analyzing the two different materials, Ni-Cr and Co-Cr alloys, it can
be observed that the Co-Cr alloy has a double indentation hardness and a 33.1% higher
contact stiffness compared to the Ni-Cr alloy. Also, in terms of deformation, the Co-Cr
sample has a 43.1% lower maximum displacement, a 62.3% lower zero displacement, a
51.65% lower contact depth, and a 50% lower contact area.
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tion tests.

After the interpretation of the results of the indentation tests, the superiority of the
SLM sample over the casted sample has been demonstrated in terms of mechanical charac-
teristics due to specific particularities of the manufacturing process (the effect of laser layer
processing during the selective laser melting technology can also be considered a thermal
treatment that enhances some mechanical properties). Moreover, it was shown that the
post-processing operations have a major impact on the behavior of the samples during the
indentation test and improve their mechanical characteristics.

4.2. Microtopography and Zonal Nano-Roughness

As can be seen in the microtopographic images (Figure 8), the post-processing opera-
tions have a significant influence even at this miniaturized scale. Compared to the dental
prostheses after the last post-processing operation (polishing) before the application of the
ceramic layer, the finished dental prosthesis shows, in the area of 100 µm × 100 µm, major
differences between the height of the irregularities and has well-pronounced high peaks.
In the case of both polished dental prostheses, one made by additive technology and one
by classical casting technology, the result is a surface with a much smoother and denser
distribution without significant differences between the extremities of the irregularities.
Practically, the polished prostheses have an almost identical distribution of irregularities,
perhaps with a slight superiority of the SLM-polished prostheses, observing a slightly
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smoother and more homogeneous distribution and a slightly smaller difference between
the peaks compared to the surface of the casted prosthesis.

Figure 11 compares the results of the surface parameters’ average values obtained
after zonal nano-roughness determinations on an AFM microscope. Significant differences
are observed between the values obtained for the preliminarily finished prosthesis surface
and the polished prosthesis surfaces. Regarding the average roughness, it turns out that
polishing improves this parameter at this scale more than twice (average values of Sa
were 7.75 nm for finished SLM prosthesis, 3.42 nm for polished SLM prosthesis, and
3.53 nm for polished cast prosthesis), and in the case of an RMS, over 2.5 times (average
values of RMS were 11.40 nm for finished SLM prosthesis, 4.25 nm for polished SLM
prosthesis, and 4.54 nm for polished cast prosthesis). If we are discussing peak-to-peak
values, differences are even more accentuated (average values of Sy were 123.76 nm for
finished SLM prosthesis, 32.53 nm for polished SLM prosthesis, and 42.10 nm for polished
cast prosthesis).
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determinations on an AFM microscope.

It seems that the method of obtaining does not have a major impact on the state of the
resulting surfaces, as long as the same mechanical polishing process is applied. The major
differences occur between the surfaces in different stages of post-processing. Relatively
comparable values were obtained in terms of average roughness and RMS for the polished
prostheses made by SLM and casting. However, there are relatively small differences in
the Sy parameter, which refers to the distance between the extremities of the irregularities,
where the average value of this parameter was almost 10 nm lower in the case of the
dental prosthesis surface obtained by SLM, but it should be noted that in the case of the
prosthesis made by casting, the closest results were obtained for the three studied areas
(the difference between the maximum and minimum value for roughness parameters) in
the three prostheses under study.

Taking into account that the surface roughness of dental prostheses, including at the
miniaturized scale, influences their performance from biological considerations or me-
chanical properties, this study is useful for evaluating the efficiency of the post-processing
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operations at the micro- or nano-level and for selecting the optimal process or the eventual
correction of the one used [2,43,44,48–50].

5. Conclusions

Based on the research carried out in this paper, the following can be concluded:

- Considering the same technology (SLM) and the same degree of finishing, compared to
the Ni-Cr prosthesis, the Co-Cr one had a twice higher average indentation hardness
and a contact stiffness over 33% higher. The Co-Cr prosthesis was also harder to
deform than the Ni-Cr one.

- Considering the same degree of finishing and almost the same material (Co-Cr alloy),
the prosthesis realized via SLM has a 37% higher indentation hardness and more
than 42% higher contact stiffness than the prosthesis obtained by casting. Also, the
indentation deformations are much smaller in the case of the prosthesis made by SLM
than in the case of the prosthesis obtained by casting.

- The best mechanical properties and the greatest resistance to deformation after in-
dentation tests were obtained in the case of the polished SLM dental prosthesis. The
preliminarily finished SLM dental prosthesis has mechanical properties comparable
to the polished one made by casting.

- Both in the case of the mechanical properties and especially in the case of the condition
of the surfaces, the major impact that the post-processing operations of dental pros-
theses have on these characteristics was shown. After polishing the dental prosthesis
made by SLM, a significantly higher average indentation hardness was obtained
compared to the results obtained for the preliminarily finished SLM dental prosthe-
sis (2.242 GPa compared to 1.683 GPa) with a greater contact stiffness (3.315 N/µm
compared to 2.338 N/µm). Also, the polishing of the prosthesis led to an increase
in resistance to deformation; for example, an average maximum displacement of
14.872 µm was obtained for the polished sample compared to an average maximum
displacement of 20.154 µm for the preliminarily finished sample. The effects of pol-
ishing were even more evident for the average values determined for the microscale
roughness parameters: in the case of the polished SLM dental prosthesis, the average
roughness improved more than twice, the RMS parameter more than 2.5 times, and
the distance between the extremities of the irregularities decreased almost 4 times
compared to preliminarily finished SLM dental prosthesis.

- The roughness parameters are not significantly influenced by the method of obtaining
the dental prostheses after applying the same degree of post-processing. Obviously,
the differences appear when moving to a higher degree of finishing.

- Surface roughness plays a decisive role in durability and mechanical properties,
but also in avoiding possible problems of biological nature; therefore, the use of
appropriate post-processing operations for dental prostheses is very important.

As possible research perspectives, we can mention the study of other materials, tech-
nologies, or other post-processing methods for dental prostheses and also use other analysis
and characterization methods and equipment.
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Abstract: Based on the advantage of rapid net-shape fabrication, laser powder bed fusion (LPBF) is
utilized to process B4C-reinforced Ti composites. The effect of volumetric energy density (VED) on the
relative density, microstructural evolution, tensile properties and wear behaviors of B4C-reinforced Ti
composites were systematically investigated. The LPBF-ed samples with high relative density (>99%)
can be achieved, while the pores and un-melted powders can be observed in the sample owing to the
low energy input (33 J/mm3). The additive particulates B4C were transformed into needle-like TiB
whiskers with nano-scale while C dissolved in the Ti matrix. Fine-scale grains (<10 µm) with random
crystallographic orientation can be achieved and the residual stress shows a downtrend as the VED
increases. Through the analysis of the tensile and wear tests, the sample at 61 J/mm3 VED showed a
good combination of strength and wear performance, with an ultimate tensile strength of 951 MPa
and a wear rate of 3.91 × 10−4 mm3·N−1m−1. The microstructural evolution in VED changes and the
corresponding underlying strengthening mechanisms of LPBF-ed Ti + B4C composites are conducted
in detail.

Keywords: laser powder bed fusion; titanium composite; microstructural evolution; mechanical
property; tribological behavior

1. Introduction

Titanium and its alloys have the advantages of high specific strength and stiffness com-
bined with superior corrosion resistance, suitable for many industries including aerospace,
marine, and automotive. However, the wear resistance of Ti limits the application of the
areas mentioned above. To date, much attention has been devoted to titanium matrix
composites (TMCs), which utilizes particulate reinforcement technology for strengthening
the tribological properties, such as TiB, TiC, and TiN [1–3]. Nevertheless, the limited bond
strength between ex situ category reinforcements and the Ti matrix may cause premature
failure. As one of the ceramic particulates used, B4C shows superior stability combined
with low density (2.52 g/cm3) and high hardness (~3000 HV) [4,5]. The introduction
of B4C can efficiently reduce the weight of TMCs and the in situ formed TiB and TiC
ceramic-reinforcement phase in TMCs leads to good interfacial bonding, outstanding ther-
modynamic stability, and fine-scale distribution [6–9]. In addition, the in situ reinforcement
phase can provide an improvement in the mechanical properties of TMCs. For instance,
Zhang et al. [10] demonstrated that the strength and high-temperature creep behavior of
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the Ti matrix increased with in situ TiB formation. Yu et al. found that fine in situ TiC
particles can be obtained in TiC/Ti coatings processed by induction cladding, which is
beneficial to harden the Ti matrix [11].

Many traditional manufacturing processes, such as vacuum casting or powder metal-
lurgy, have been utilized to prepare Ti + B4C composites [12–14]. However, several issues,
e.g., poor wettability, inferior densification response, and cracks, restrict the application
of TMCs traditional processes. Besides, coarse carbide and boride particles are formed
in TMCs through conventional processing methods owing to the low cooling rate after
processing. These brittle phases are the origin of crack initiation and propagation [12,15].

As a promising 3D printing method, laser powder bed fusion (LPBF) can produce
complex-shaped parts with almost fully dense structure, which enables to reduce the cost
and improves the efficiency of the TMCs process [16–19]. During the LPBF process, a high
laser power melts individual layers of material. Transient high temperature (~105 K) and
ultra-high cooling rate (104~106 K/s) can be obtained from a high beam scanning speed
(500–1500 mm/s), leading to fine microstructures and superior mechanical properties [20–
23]. These indicate that LPBF is likely to be an optimal process to produce TMCs with B4C
addition.

Despite the benefits, LPBF fabrication of TMCs is limited by quality defects includ-
ing pores and cracks due to its complex thermal history [24–26]. To obtain an in-depth
understanding of the LPBF processing parameters–microstructure–properties relationship,
manipulating the LPBF processing parameters, e.g., laser power and scanning speed, can
be used to control the quality of LPBF processed components [27,28]. However, there are
numerous LPBF processing parameters, which are interactive. To summarize, volumetric
energy density (VED) has been used as an engineering parameter to predict the microstruc-
ture and properties of LPBF-ed alloys [29]. In the study of Wu et al. [30], the influence of
VED on microstructural evolution and mechanical behaviors of LPBF-ed AlSi10Mg was
investigated. They found that the relative density and yield strength of LPBF-ed AlSi10Mg
decreased as VED increased from 40 to 90 J/mm3. Liu et al. systematically studied the
effects of the VED on LPBF-ed Ti6Al4V and showed that the tensile strength increased
and then dropped with increasing VED (32.7 to 132.4 J/mm3) [31]. This indicates that the
effect of VED on different alloy systems is different. Currently, optimization of the LPBF
processing parameters for Ti + B4C is rarely reported [32]. The influence of VED on the
microstructure and properties of Ti + B4C composites needs further exploration. Thus, this
paper aims to obtain an understanding of solidification microstructural evolution and the
mechanical properties and tribological behavior of these composites.

In the present study, B4C-reinforced Ti in situ composites produced by LPBF were used
as a model to investigate the effect of VED on the microstructural evolution, mechanical
properties, and tribological behavior. As a parametric study, an optimal LPBF processing
parameter was determined to produce Ti composites with high density and enhanced
properties. In addition, the corresponding strengthening mechanisms of LPBF-ed Ti + B4C
composites are studied.

2. Experiments
2.1. Powder Preparation

Spherical unalloyed titanium powders (TA1, D10 = 18.4 µm, D50 = 30.6 µm,
D90 = 47.1 µm, purchased from TIJO Inc., Changsha, China) and nano-sized B4C powders
(TIJO Inc., Changsha, China) with an average diameter~500 nm was used in this study.
The chemical composition of unalloyed Ti powder was detected using an inductively
coupled plasma atomic emission spectrometer (ICP-AES), seen in Table 1. The powders
were blended under argon in a mixer at room temperature for 12 h with a rotation rate of
20 rpm, and its distribution of particle size was seen in Figure 1a. The B4C content was 0.5
wt.%. A secondary electron (SE) image of the as-mixed powders is shown in Figure 1b.
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Table 1. The chemical composition of unalloyed Ti powder.

Unalloyed Ti Powder H C N O Ti

Chemical composition (wt.%) 0.006 0.007 0.023 0.098 Bal.
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2.2. LPBF Process

Both cubic (10 × 10 × 10 mm3) and dogbone-shaped tensile samples (gauge length
9.525 mm, gauge width 2 mm and thickness 2 mm) of the titanium-based composite were
produced using an FS121 M LPBF machine equipped with a 500 W fiber laser (Farsoon
Inc., Changsha, China). Several samples were built on Ti base plates with area dimensions
of 110 mm × 110 mm. Stripes in subsequent layers were rotated by 67◦ with respect to
the previous layer, and sample borders were outlined with a separate perimeter scan. A
schematic of the laser scanning strategy is shown in Figure 1c. During the LPBF processing,
high-purity argon was used to fill the processing chamber, resulting in less than 100 ppm
oxygen present. The VED can be calculated using equation (1) from the LPBF parameters
used, i.e., the laser power (P, 160–280 W), the scanning speed (v, 1000–2000 mm/s), the
hatch distance (h, 80 µm), and the layer thickness (t, 30 µm).

VED =
P

vht
(1)

2.3. Microstructural Characterization

For microstructural characterization, specimens were mirror polished using SiC paper
and 0.25 µm SiO2 suspension successively, which are etched using Kroll’s reagent (2 mL HF,
6 mL HNO3, and 92 mL H2O) for ~10 s. Optical microscopy (OM, LEICA DM4500P, LEICA,
Deerfield, IL, USA) was used to characterize the microstructure at low magnification. Phase
identification was performed using an X-ray diffractometer (XRD, Advance D8, Bruker,
Billerica, MA, USA) with Cu-Kα radiation and a step size of 0.02◦. Further microstructural
characterization was performed using a scanning electron microscope (SEM, MAIA3 TES-
CAN, Brno, Czechia) at an accelerating voltage of 20 kV. Texture analysis of the samples
was performed using electron backscattered diffraction (EBSD) at a step size of 0.7 µm.
Transmission electron microscope (TEM, FEI Titan G2, FEI, Hillsboro, OR, USA) analysis
was performed at an accelerating voltage of 200 kV, and the compositions were determined
using energy dispersive spectrometer (EDS).
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2.4. Mechanical and Tribological Tests

The physical and mechanical properties of the LPBF-ed specimens were investigated
via density measurements, nanoindentation measurements, tensile tests, and tribological
studies. The density (ρ) was determined using the Archimedes method from:

ρ =
Wa × ρw

Wa −W
(2)

where Wa and W are the weights of the sample in air and water, respectively, and ρw is the
density of the water. The density machine is Sartorius MSA324S-000-DU and each reported
value is the average of three measurements. The theoretical density of Ti composite is
4.486 g/cm3. After analyzing the relative density results (Figure 2), the three specimens
(named S1, S2, and S3) with VED values ranging from 33 to 117 J/mm3 are selected and
discussed in this paper: the processing parameters associated with these specimens are
listed in Table 2.
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Table 2. LPBF processing parameters for Ti + B4C composite specimens.

Specimen P (W) v (mm/s) h (µm) t (µm) VED (J/mm3)

S1 160 2000 30 80 33
S2 220 1500 30 80 61
S3 280 1000 30 80 117

The nanoindentation measurements were undertaken using a MCT + UNHT machine
(CSM Company, Kaisten, Switzerland) at room temperature. The load was set at 30 mN
load with a loading time of 15 s and a Berkvoich indenter was used. Each specimen was
measured at least 3 times. The reduced Young’s modulus is defined as:

1
Er

=
1 − v2

E
+

1 − v2
i

Ei
(3)

where E and v are the elastic modulus and Poisson’s ratio for the specimen, while Ei and vi
are the corresponding values for the indenter.
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Tensile tests were performed at room temperature at an initial strain rate of
1 × 10−3s−1 on specimens cut using a wire electrical discharge machine perpendicu-
lar to the building direction and ground to a surface finish using 3000 grid SiC paper.
The strain was measured with a video probe. Dry sliding wear tests were performed on
specimens’ flat ground. A 4 mm diameter Si3Ni4 ball was used as the counter-material.
The load, rotation speed, rotation radius, and time were at 10 N, 10 Hz, 1 mm, and 30 min,
respectively. The tensile fracture surfaces and worn surfaces were examined using the
secondary electron mode in the SEM.

3. Results
3.1. Microstructure

Figure 3 shows typical OM images of S1, S2 and S3 viewed in the x–y plane. The
melt track, also known as the melt pool, can be clearly observed. It is evident that the
rotation angle between melt tracks is about 67◦, as expected. Micropores were presented
in S1 resulting in lower relative density (~96%), which may be attributed to insufficient
energy penetration at the lowest VED. The morphology of S2 was similar to that of S3. The
excellent track-to-track bonding suggested that the alloys with a near-dense structure show
good mechanical properties.
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Figure 3. OM images of (a) S1, (b) S2, and (c) S3.

Figure 4 shows the surface morphologies of S1, S2 and S3. There were both un-
melted powders and island-shape phenomenon on the surface of S1 (Figure 4a), arising
from the limited energy penetration at a VED of 33 J/mm3. As the VED increased to
61 J/mm3 (specimen S2), both the number of un-melted powders and the surface island-
shape phenomenon decreased substantially. When the VED further increased to 117 J/mm3

(specimen S3), the surface became smoother and free of any evident defects, a result that
can be attributed to the greater laser power penetrating the powder-bed [33].

Figure 4d–f show typical microstructures of LPBF-ed samples in the x–y plane. The
VED exerts a significant influence on the microstructure of the Ti + B4C composites. Unlike
the other specimens, S1 exhibited cellular microstructure. As the VED increased from
61 J/mm3 to 117 J/mm3, a change to a columnar structure can be observed. The difference
in microstructure is dependent on the complex solidification behaviors in the molten pool
caused by various VED, which is discussed in Section 4.1. In addition, needle-like TiB
whiskers of different sizes can be seen in all three samples. Clusters composed of TiB
whiskers were present in the LPBF-ed microstructure, where parallel whiskers were stuck
to each other. The TiB whiskers grew into this morphology due to the faster growth rate in
the [010] axis than that in other directions [34].
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Figure 4. SE images of surface and microstructure of LPBF-ed Ti + B4C in situ composites: (a,d) S1;
(b,e) S2; (c,f) S3.

3.2. EBSD Characterization

The effect of VED on the grain size and crystallographic orientations of the LPBF-
ed B4C-reinforced Ti in situ composites was studied using EBSD. Inverse pole figures
(IPF) viewed perpendicular to the building direction (BD) of S1, S2, and S3 are shown in
Figure 5. The grains in the three samples were mostly smaller than 10 µm, while a few
more coarse grains were observed in S3. The average α lath width of three samples was
determined to be 0.67 µm, 0.75 µm, and 0.89 µm, respectively. The small increase in lath
width can be attributed to the greater heat input from the increased VED. Besides, the top-
viewed crystallographic orientations of three specimens in Figure 5 show crystallographic
directions were random.
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3.3. TEM Analysis

To further clarify the microstructure of the LPBF-ed Ti + B4C composites, specimen S2
was examined in the TEM. Figure 6a shows that the needle-like whiskers with sizes ranging
from 50 to 100 nm were randomly distributed in the matrix. However, TiC and TiB are
hardly observed in TEM-EDS maps. In α-Ti alloys, the solid solubility of C is 0.458 wt.%
at 1173K and drops to 0.126 wt.% at 873K [35]. During the LPBF process, 0.104 wt.% of C
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dissolved into S2, where the carbon content is below the maximum carbon solubility. This
is the reason that TiC particles are not observed at room temperature.
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Figure 6. (a) BFTEM images of LPBF-ed S2; (b,c) corresponding EDS map showing the Ti and B/C
distribution.

High-resolution TEM (HRTEM) was performed to examine the interface between the
TiB whisker and the α-Ti matrix. Figure 7a shows a clean interface between the matrix and
the reinforcing phase, illustrating good bonding between the TiB whisker and the α-Ti. The
α-Ti matrix and TiB whiskers were identified via determining the lattice parameters to be
0.159 nm and 0.250 nm, respectively. However, the theoretical lattice spacing of α-Tid{110} is
known to be 0.147 nm, which is smaller than the experimental results. Kværndrup et al.
reported that the interstitial atoms (O, N, or H) dissolution into α-Ti leads to the increase of
lattice parameter [36]. The results indicated that C is dissolved into Ti, leading to lattice
spacing expansion. The corresponding fast Fourier transform (FFT) patterns of the LPBF-ed
Ti + B4C composite are shown in Figure 7b,c, which further confirms the existence of the
TiB whisker and the α-Ti phase. In addition, intense streaking in the direction of TiB (110)
was observed, demonstrating the existence of stacking faults (SF) in the TiB (110) plane.
Kooi et al. reported a similar structure in laser-clad Ti-TiB [34].
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Figure 7. (a) HRTEM images of TiB whisker and the Ti matrix; (b,c) FFT patterns of α-Ti and TiB
whisker, respectively.
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3.4. Phase Identification

XRD patterns from S1, S2 and S3 are shown in Figure 8. Strong diffraction peaks from
hexagonal Ti (HCP) and weak diffraction peaks from the small volume fraction of TiB were
found. According to the Ti-B-C ternary phase diagram [37], an in situ reaction occurred
during the solidification processing of LPBF-ed samples:

Ti + B4C → β-Ti + TiB → α-Ti + TiB (4)

Materials 2023, 16, x FOR PEER REVIEW 8 of 17 
 

 

3.4. Phase Identification 

XRD patterns from S1, S2 and S3 are shown in Figure 8. Strong diffraction peaks from 

hexagonal Ti (HCP) and weak diffraction peaks from the small volume fraction of TiB 

were found. According to the Ti-B-C ternary phase diagram [37], an in situ reaction oc-

curred during the solidification processing of LPBF-ed samples: 

Ti + B4C → β-Ti + TiB → α-Ti + TiB (4) 

 

Figure 8. XRD results of three LPBF-ed samples with various VEDs. 

3.5. Mechanical Properties 

Tensile tests were conducted to evaluate the LPBF-ed B4C-reinforced Ti in situ com-

posites and their representative engineering stress-engineering strain responses are dis-

played in Figure 9: values for the yield strength (YS), ultimate tensile strength (UTS), elon-

gation (ε) is summarized in Table 3. S1 had the lowest relative density (95.6%) and exhib-

ited the lowest ε, but had the highest YS at 768 ± 10 MPa. Compared with S1, the YS value 

of S2 was ~30 MPa less at 738 ± 6 MPa, but its ε increased from 1.7 ± 0.4% to 6.3 ± 1.1%, 

presumably due to a lower number of defects. Compared with S2, S3 had the similar ε at 

7.4 ± 1.9%. However, S3 had a lower YS value (664 ± 9 MPa) than those of the other two 

specimens. As increasing VED, the pore morphology in Ti alloys changed from irregular 

shape to near-spherical shapes [31]. During tensile test, samples with spherical pores have 

a more uniform distribution of strain, which may lead to better ductility performance than 

that of samples with irregular pores. The decrease of YS can be attributed to the coarse 

grain in S3 caused by large energy input. As shown in Table 3, the introduction of B4C to 

pure Ti can achieve high tensile strength and reasonable elongation with comparison of 

pure Ti produced by LPBF, wrought or cast [38–42]. 

Nanoindentation tests were conducted on the three specimens and the smooth load-

displacement curves obtained are shown in Figure 10a. It can be observed that the inden-

tation depth of the LPBF-ed Ti + B4C composites becomes slightly deeper with increasing 

VED. Figure 10b is a histogram of the hardness (H) and reduced Young’s modulus, (Er) 

for the three samples. The increasing VED led to a slight decrease in H from 4.6 GPa to 3.8 

GPa. The reduced Young’s moduli of S1 and S2 were similar (~128 GPa) but were ~8% 

greater than that of S3. 

Figure 8. XRD results of three LPBF-ed samples with various VEDs.

3.5. Mechanical Properties

Tensile tests were conducted to evaluate the LPBF-ed B4C-reinforced Ti in situ compos-
ites and their representative engineering stress-engineering strain responses are displayed
in Figure 9: values for the yield strength (YS), ultimate tensile strength (UTS), elongation
(ε) is summarized in Table 3. S1 had the lowest relative density (95.6%) and exhibited the
lowest ε, but had the highest YS at 768 ± 10 MPa. Compared with S1, the YS value of
S2 was ~30 MPa less at 738 ± 6 MPa, but its ε increased from 1.7 ± 0.4% to 6.3 ± 1.1%,
presumably due to a lower number of defects. Compared with S2, S3 had the similar ε at
7.4 ± 1.9%. However, S3 had a lower YS value (664 ± 9 MPa) than those of the other two
specimens. As increasing VED, the pore morphology in Ti alloys changed from irregular
shape to near-spherical shapes [31]. During tensile test, samples with spherical pores have
a more uniform distribution of strain, which may lead to better ductility performance than
that of samples with irregular pores. The decrease of YS can be attributed to the coarse
grain in S3 caused by large energy input. As shown in Table 3, the introduction of B4C to
pure Ti can achieve high tensile strength and reasonable elongation with comparison of
pure Ti produced by LPBF, wrought or cast [38–42].

Nanoindentation tests were conducted on the three specimens and the smooth load-
displacement curves obtained are shown in Figure 10a. It can be observed that the indenta-
tion depth of the LPBF-ed Ti + B4C composites becomes slightly deeper with increasing
VED. Figure 10b is a histogram of the hardness (H) and reduced Young’s modulus, (Er) for
the three samples. The increasing VED led to a slight decrease in H from 4.6 GPa to 3.8 GPa.
The reduced Young’s moduli of S1 and S2 were similar (~128 GPa) but were ~8% greater
than that of S3.
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Table 3. Summary of the relative density and average mechanical properties.

Sample Condition YS (MPa) UTS (MPa) ε (%) Reference

S1 LPBF 768 821 1.7 This work
S2 LPBF 738 951 6.3 This work
S3 LPBF 664 771 7.4 This work
Ti LPBF 521 607 10.4 [38]
Ti LPBF 590 665 19 [39]
Ti LPBF 407 469 14.7 [40]
Ti LPBF 420 510 18 [41]
Ti Wrought 317 481 28.9 [38]
Ti Cast 351 466 30 [42]
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3.6. Tribological Behavior

Figure 11 presents the friction coefficient and wear rate from wear tests of the LPBF-ed
Ti + B4C composites. The wear rate coefficient (Kc) was calculated from (5):

Kc =
2πrA

FS
(5)

where r and A are the radius and area of wear tracks, respectively, and F and S are the
load and sliding distance, respectively. The friction coefficient curves of the three samples
experienced a short fluctuation within an unstable period (about 3 min) and then became
more stable. The average friction coefficients of S1, S2, and S3 were calculated during the
steady period (3-30 min). S1 exhibited both a high friction coefficient (0.25 ± 0.01) and a
high Kc (6.2± 2.1× 10−4 mm3·N−1m−1). A similar friction coefficient (0.25± 0.01), but the
lowest Kc (3.9 ± 0.6 × 10−4 mm3·N−1m−1) was obtained for S2. Interestingly, S3 exhibited
the lowest friction coefficient (0.22 ± 0.01) but the highest Kc (12.4 ± 1.5 mm3·N−1m−1).
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The worn surfaces (typical morphologies and 3D surface profiles) and corresponding
EDS mapping of S1, S2, and S3 are presented in Figure 12. The shallower grooves along the
sliding distance on S1 and S2 surfaces were clear while the severer grooved scratches and
more debris can be observed on the S3 surface. Based on the EDS mapping result, it was
demonstrated that wear debris were tribological oxides and the tribological layers were
composed of oxides. In addition, white debris detected in Figure 12 were considered an
oxidative wear character because of the exposure to the air during the dry sliding wear
test [43,44].
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4. Discussion
4.1. Microstructural Evolution

When the laser penetrates the powder-bed, the Ti powders first melted and then
reacted with the B4C particles in the molten pool. However, inadequate penetration led
to un-melted powder and island-shape phenomenon, which produced a rough surface,
as observed in specimen S1. With increasing VED, the composite powders could be fully
melted and the surface became smooth. In general, the viscosity of the fluid is strongly
determined by the temperature in the molten pool, which has a significant influence on
surface quality. According to Takamichi [45], the viscosity of fluid (µ) in the molten pool
can be calculated from (6):

µ = α

√
m
kT

γ (6)

where α is a constant, m is the atomic mass, k is the Boltzmann constant, γ is the surface
tension of fluid and T is fluid temperature. The surface tension of fluid dropped with
increasing fluid temperature [46]. Therefore, the viscosity of fluid decreased caused by a
higher VED. The fluid in the molten pool spreads easily and a high-quality surface without
defects was obtained for higher VEDs.

Characteristic solidification microstructures in Figure 4 were formed in the LPBF
process. When the laser interacted with the powder bed, B4C is prone to react with Ti
and transforms into in situ formed TiB whiskers. TiB whiskers are melted into the liquid
over its melting point (2473 K) or partially dissolved in the region below 2473 K. During
the solidification process, the solute atoms were ejected at the solid/liquid interface front,
which led to a higher concentration of solute. The retained TiB whisker was captured to act
as grain boundaries and eutectic TiB whiskers solidified between the Ti grains. Besides,
the length of TiB whiskers became larger, which may be caused by longer solidification
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time as VED increased. The solidification morphology is determined by the ratio of the
temperature gradient (G) to solidification rate (R) while G×R governs the microstructural
scale. G is given by the temperature field caused by the laser and R is related to beam
velocity and the melt pool shape. A change from cellular to columnar structures occurred
due to differences in G and R in the molten pool caused by different VEDs. The metastable
cell structure of S1 formed in the LPBF process can be attributed to the moderate G/R. At
the higher VED in S3, a lower G/R was obtained, which led to columnar dendrites [47].
Therefore, it was seen that increasing VED may lead to a reduced G/R, which changes the
microstructure.

4.2. Mechanical Properties Analysis

The increment in the strength of LPBF-ed Ti + B4C in situ composites can be attributed
to three strengthening mechanisms: (1) grain refinement caused by the heterogeneous
nucleation on TiB; (2) TiB whiskers acting as reinforcements; and (3) solid-solution strength-
ening from dissolved carbon. For a better understanding of the strengthening mechanisms,
S2 was chosen to quantitatively estimate these effects.

Upon the addition of the B4C powders, the grain size decreased compared to LPBF-ed
Ti [41]. Based on the Hall–Petch relationship, the increase in yield strength by grain size
reduction is expressed as:

∆σH-P= K
(

d−
1
2

1 − d−
1
2

2

)
(7)

where K is a constant as 328 MPa µm1/2 [48], d1 and d2 are α-Ti grain size of the Ti + B4C
composite and the titanium matrix, respectively.

Because of the limited solid solubility in the matrix (~0.02 wt.%), most of the boron
was presented in the TiB whiskers. The fiber strengthening effect from the TiB whiskers
can be calculated from:

∆σTiB= 0.5σYSmVTiB
l
d
ω0 (8)

where σYSm is the yield strength of the Ti matrix, VTiB, l/d, and ω0 are the volume frac-
tion, aspect ratio, and whisker orientation factor for the TiB whiskers, respectively. The
orientation of TiB whiskers is random and henceω0 = 0.27 [49–51].

The solid solution strengthening from carbon in the Ti matrix can be expressed as [49]:

∆σS =
1√
3

mT
1

2(1 + υ)
Erη

3
2 c

1
2 (9)

where mT, υ, Er are the Taylor factor, Poisson’s ratio, and elastic modulus of the Ti alloy,
respectively. η is related to the change in the lattice constants with carbon concentration in
the Ti matrix [52] and c is the atom fraction of carbon (~0.43 wt.%).

Therefore, the theoretical YS of S2 can be calculated from:

σYS = σYSm + ∆σH-P + ∆σTiB + ∆σS (10)

Using the Equations (7)–(10), the YS of S2 was calculated to be 698 MPa with parame-
ters listed in Table 4, which agreed relatively well with the experimental value of 712 MPa.
Notably, ∆σH-P, ∆σTiB, and ∆σS are 134 MPa, 22 MPa, and 136 MPa, respectively. The largest
increase in strength was from solution strengthening, accounting for 48%. Note that the
tensile strength of S3 was significantly lower than that of others, which may be attributed
to higher energy penetration resulting in coarser grains.
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Table 4. Parameters value for calculation.

Parameter Value Reference

K 328 MPa µm1/2 [48]
d1 0.75 µm Measured
d2 1.8 µm [41]

σYSm 420 MPa [41]
l/d 20 Measured
mT 3.16 Measured
ω0 0.27 [53]
Er 128 GPa Measured
η 0.08 [49]
υ 0.27 [49]

Secondary electron images of the fracture surfaces of the LPBF-ed Ti + B4C composites
are shown in Figure 13. There were several pores and cleavage steps evident in S1 caused
by insufficient VED (Figure 13a). During tensile testing, crack propagation may begin at
such defects, leading to worse ductile performance [54,55]. Such pores were not evident for
S2 and S3, which explained the higher ductility for these two specimens. A combination of
cleavage steps and dimples can be observed in Figure 13b, which demonstrated that the
fracture mechanism was a mixture of brittle fracture and plastic deformation. However,
the dimples were small and shallow, compared with that in Figure 13c. This phenomenon
explained the plastic deformation in S2 was limited. The main fracture mechanism of
S3 was plastic deformation because of the full dimples. In summary, the mechanism of
fracture changed from brittleness to ductile failure with the enhanced VED.
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4.3. Tribological Behavior Analysis

Different wear mechanisms of the LPBF-ed samples led to different tribological behavior.
The shallow grooves along the sliding distance and tribological layers of S1 and S2 indicated
that adhesive and abrasive wear mechanisms predominate during the wear test. The dominant
wear mechanism of S3 was abrasive wear, demonstrated by severer grooved scratches and
more white debris. The contact and relative sliding between materials and Si3N4 generated
high tribological heat and local pressure, leading to the formation of tribological oxides and
layers on the composite surface. During a long period of high-stress contact, cracks and
delamination occurred on the tribological layers. In S1 and S2, tribological layers composed of
wear debris were formed due to the applied stress during the wear test. Layers composed of
tribological oxide existing on the sample surface can efficiently reduce wear rate and improve
wear resistance [44]. In addition, the hardness and strength of materials were considered
important indices judging wear resistance [56]. It can be inferred that tribological layers
composed of oxide and better strength of S1 and S2 led to better tribological performance than
that of S3 (12.4± 1.5 mm3·N−1m−1). While the lower relative density of S1 led to an unstable
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tribological performance (6.2 ± 2.1×10−4 mm3·N−1m−1), which may be due to un-melted
powders and pores acting as crack initiation [57].

5. Conclusions

In situ Ti composites reinforced by B4C were successfully processed by LPBF. The
effect of VED on relative density, microstructure, tensile properties, and wear behaviors
have been investigated. The following conclusions are:

(1) A relative density higher than 99% was achieved in S2 and S3. The island-shape
phenomenon and un-melted powders in S1 can be attributed to the lower viscosity of fluid
caused by inadequate lower energy input.

(2) The microstructural evolution was influenced by VED. The cellular microstructure
changes gradually to columnar morphology with VED increment. A small increase of grain
size due to more heat input by VED and the crystallographic orientations are random

(3) A superior UTS of 951 ± 21 MPa combined with reasonable ductility (6.3 ± 1.1%)
was achieved in the S2. The improved strength was attributed to grain refinement strength-
ening caused by TiB whiskers, TiB reinforcement mechanism, and solution strengthening
of carbon in the Ti matrix. The fracture mechanism changed gradually from brittleness to
ductile failure with the VED increases.

(4) A low wear rate and friction coefficient of S2 were reached 3.91× 10−4 mm3·N−1m−1

and 0.252, respectively. Owing to tribological layers on the sample surface and better strength,
S1 and S2 had a better wear behavior than that of S3.
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Abstract: In this work, two Ni-based superalloys with 13 wt.% and 35 wt.% Co were prepared via
selective laser melting (SLM), and the effects of Co on the microstructure and mechanical properties
of the additively manufactured superalloys were investigated. As the Co fraction increased from
13 wt.% to 35 wt.%, the average grain size decreased from 25.69 µm to 17.57 µm, and the size of the
nano-phases significantly increased from 80.54 nm to 230 nm. Moreover, the morphology of the γ′

phase changed from that of a cuboid to a sphere, since Co decreased the γ/γ′ lattice mismatch from
0.64% to 0.19%. At room temperature, the yield strength and ultimate tensile strength of the 13Co
alloy reached 1379 MPa and 1487.34 MPa, and those of the 35Co alloy were reduced to 1231 MPa
and 1350 MPa, while the elongation increased by 52%. The theoretical calculation indicated that
the precipitation strengthening derived from the γ′ precipitates made the greatest contribution to
the strength.

Keywords: Ni-base superalloy; selective laser melting; cobalt; strength; ductility

1. Introduction

Ni-based superalloys have been broadly applied in aerospace industries due to their
excellent high-temperature properties, such as their high strength and oxidation resis-
tance [1,2]. In general, they are often used for hot-section components of engines, such as
burners, turbine discs, turbine blades, etc. [3]. Significantly, the quality of a turbine engine
is closely related to improvements in Ni-based superalloy performance. Traditionally,
superalloy components were prepared by using casting, forging, and hot extrusion [4].
In contrast, these methods have disadvantages, such as complex preparation processes,
low efficiency, and high costs [5], making it difficult for them to meet the requirements
for forming integrated components with complex structures. The selective laser melting
(SLM) technology can be used to directly shape powder particles, and the laser can be
changed according to the geometry of the products. Hence, the preparation process for
SLM is relatively simple, and it can be suitable for the preparation of complex structural
parts. At the same time, it can ensure the dimensional accuracy of a product [6] and a good
surface roughness [7].

With the application of SLM in Ni-based superalloys, researchers have tried to change
the internal microstructures of the alloys by adjusting the elemental content to enhance
the mechanical properties. Griffiths et al. [8] found that removing the Hf element could
reduce the number of cracks and improve the yield strength of low-carbon CM247LC
superalloys. In low-carbon IN738LC, the ultimate tensile strength was increased from 610
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to 1113 MPa when the Zr content was reduced from 0.12 wt.% to 0.024 wt.% [9]. In addition,
by increasing the Co fraction from 5 wt.% to 23 wt.%, Ni-Co-based superalloys exhibited a
higher yield strength and ductility at 750 ◦C and 800 ◦C [10]. Murray et al. [11] obtained
a crack-free Co-Ni-based superalloy with a high ultimate tensile strength of 1.1 GPa and
elongation of over 13% at room temperature by increasing the Co content to 39 wt.%. Based
on these studies, it is expected that the mechanical properties of additively manufactured
Ni-based superalloys could be enhanced by adjusting the Co content.

Co can substitute Ni in the crystal lattice, and it is broadly deemed one of the main
elements in γ′-strengthened Ni-based superalloys. Based on previous works, it was found
that Co can cause γ′-Ni3(Al,Ti) to transform into γ′-(Ni,Co)3(Al,Ti) [12–14], reduce the
stacking fault energy, and modify the lattice mismatch of γ/γ′ to influence the morphology
of γ′ precipitates [15,16]. However, the effects of Co on other precipitates, such as carbides
and the σ phase, have not yet been studied. Actually, except for γ′ precipitates, factors
originating from other precipitates, i.e., their morphology, size, distribution, and stability
in superalloys, also have an important influence on the mechanical properties [17–19].

In this research, two superalloys with different Co contents were prepared via selective
laser melting, and the γ′ precipitates, carbides, and σ phase formed in the alloys were
characterized. The effects of Co on the morphology and size of the precipitates were
systematically analyzed, and the contributions to the strength from different strengthening
mechanisms are discussed in detail.

2. Materials and Methods
2.1. Materials

γ′-strengthened Ni-based superalloys with different Co contents were the research
object of the experiments. Table 1 shows the nominal chemical compositions of two pre-
alloyed powders with Co contents of 13 wt.% and 35 wt.%. Both powders were produced
by using gas atomization, and the distribution range of two particles’ sizes was 10–63 µm,
with D50 being around 34.3 µm, where D50 means that nearly half of the powder particles
exceeded the particle size value that it represents. Figure 1a,b show the morphology of the
powders. There were some satellite powders for 13Co, and the powder distribution was
more uniform than that of 35Co.

Table 1. Nominal compositions of the two alloys (wt.%).

Alloy Co Cr W Mo Ta Ti Al C B Zr Hf Ni

13Co 13.00 11.96 4.03 4.02 4.02 4.03 2.99 0.06 0.04 0.03 0.14 Bal.
35Co 35.00 12.30 4.59 3.67 4.00 3.02 2.43 0.06 0.04 0.04 0.14 Bal.

2.2. SLM Process

The Farsoon 271M SLM device was used to prepare rectangular samples with dimen-
sions of 28 × 12 × 14 mm3. Argon was used as a protective atmosphere during the printing
process. The following process parameters were used for preparation: a laser power of
200 W, a scanning speed of 1200 mm/s, a hatch space of 80 µm, and a layer thickness of
40 µm. Stainless steel material was used as the substrate and was preheated to 100 ◦C
before printing. The strategy of bidirectional scanning with an interlayer rotation of 67◦, as
illustrated in Figure 1c, was chosen to reduce the residual stress between the layers [20].

2.3. Heat Treatment Process

The as-printed samples were heated at 1180 ◦C for super-solution treatment for 1 h
and then set in the air to cool to room temperature. After that, aging treatments were
conducted in two stages: first, the samples were heated at 650 ◦C for 24 h, followed by
allowing them cool down in the air; second, the samples were deposited at 760 ◦C for 16 h,
and then allowed to cool down in the air.
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Figure 1. Secondary electron (SE) images of the powder morphology for (a) 13Co and (b) 35Co;
the schematic images illustrate (c) the laser-scanning strategy and the size of a stretched specimen;
(d) the geometry of the tensile specimen with a thickness of 2 mm.

2.4. Microstructural Characterization

Archimedes’ principle was used to measure the relative density of the as-printed
samples. Before microstructural characterization, SiC papers were used to sand the surfaces
of the samples. Subsequently, all samples were polished to obtain mirror-like surfaces. All
samples were etched with a Kalling reagent consisting of 50 g of CuCl2, 100 mL of HCl, and
100 mL of methanol for observation with scanning electron microscopy (SEM, FEI Quanta
650 FEG, Tescan, Brno, Czech Republic). An electron backscattered diffraction (EBSD)
investigation was undertaken at a voltage of 20 kV, a magnification of 500, and a step size
of 2 µm. The data were processed by using the Channel 5 software. An X-ray diffraction
(XRD) investigation was conducted on a Bruker D8 Advanced X-ray diffractometer(Bruker,
Saarbrücken, Germany) with a scanning speed of 5◦/min to measure the phase constitution
and lattice parameters of the samples after heat treatment. The heat-treated samples were
ground to a thickness of 50 µm and then subjected to ion thinning for transmission electron
microscopy (TEM) observations. The TEM observations were conducted by using a Thermo
Scientific™ Titan Spectra 300(Thermofisher, New York, NY, USA) equipped with a quadrant
Super-X detector. The high-resolution scanning TEM (HRSTEM) and EDS results were
collected and analyzed by using the Thermo Scientific™ Velox software.

2.5. Mechanical Properties

Tensile tests were conducted on the UTM5105 electronic universal testing machine.
Tensile specimens were cut from rectangular samples by using the wire-cutting technique,
and the profile of the tensile model is illustrated in Figure 1d. All tests were executed
according to the ASTM E8 and E21 standards. The size of all tensile specimens in this work
was 26 × 10 × 2 mm3. The tensile tests were conducted at 25 ◦C and 850 ◦C with a strain
rate of 10−3 s−1. All tensile tests were repeated three times.
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3. Results and Discussion
3.1. As-Printed Microstructure

The relative densities of the as-printed13Co and 35Co samples as measured with
Archimedes’ drainage method were both 99.6%, which indicated that the degrees of internal
defects in 13Co and 35Co were the same. The backscattered electron (BSE) images of the
XZ planes in the as-printed 13Co and 35Co alloys are illustrated in Figure 2a,b, respectively.
Although the laser power, scanning speed, and hatch space were optimized to some extent,
some cracks still appeared along the melt pools, and a few holes existed. Melt pools
appeared in the XZ plane in the form of a “V” shape, and Figure 2c,d show that the melt
pools in the XY plane were elliptical. The morphology of the melt pools was mainly
related to the interaction between the laser and the powder [21] during the preparation
of SLM. The absorption rate of the powder with the laser determined the degree of the
laser’s penetration of the powder and the depth of the melt pools, thereby affecting the
morphology of the melt pools [22].
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Figure 2. BSE images of as-printed microstructures in (a) the XZ plane in 13Co, (b) the XZ plane
in 35Co, (c) the XY plane in 13Co, and (d) the XY plane in 35Co. The XZ plane was parallel to the
building direction, and the XY plane was perpendicular to the building direction.
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3.2. Grains

As shown in the inverse pole figures (IPFs) shown in Figure 3a,b, the grain size in
the XY plane of the 13Co alloy ranged from 3 to 60 µm, and the average grain size was
about 8 µm. The situation was similar in the 35Co alloy, where the range of the grain size
in the XY plane was 2–63 µm, and the average grain size was about 8.96 µm. Thus, the
difference in grain size between the two as-printed alloys was insignificant. Additionally,
this displayed that the XY planes of both alloys presented the phenomenon of “small grains
surrounding a large grain”, which was mainly caused by the laser-scanning strategy with
an interlayer rotation of 67◦. It is worth mentioning that there were significantly more
small grains around the large grains in the 35Co alloy compared to the 13Co alloy.
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Figure 3. IPF maps obtained from the EBSD analysis in the XZ plane of the alloys and the cor-
responding grain size distribution diagram: (a) as-printed 13Co alloy; (b) as-printed 35Co alloy;
(c) heat-treated 13Co alloy; (d) heat-treated 35Co alloy. The white circles represent twins.

After the super-solution treatment and aging treatments in two stages, the grains of the
13Co and 35Co alloys became coarse. However, the grains of the 35Co alloy were finer than
those of the 13Co alloy, and the phenomenon of “small grains surrounding large grains”
disappeared in the XY plane for both alloys, which can be observed in Figure 3c,d. Twins
could be discerned, as indicated by the white circles in the images, and more twins were
observed in 35Co than in 13Co, since the stacking fault energy of the γ matrix decreased
with the increase in Co content [23]. After heat treatment, recrystallization occurred, and the
fractions of the recrystallized grains for the 13Co and 35Co alloys were obtained by using
the Recrystallized Fraction Component Function in the Channel 5 software, as displayed
in Figure 4. It can be seen in Figure 4a,c that the deformation degree of 13Co before
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heat treatment was larger than that of 35Co. After heat treatment, in the 13Co alloy, the
fraction of the recrystallized grains accounted for above 90%, as shown in Figure 4b, while
it was only close to 50% in the 35Co alloy, as shown in Figure 4d. This demonstrated
that the recrystallization of the 13Co alloy might have been close to completion, while the
recrystallization process still took place in the 35Co alloy.
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Figure 4. Recrystallization diagram of the XZ planes in (a) the as-printed 13Co, (b) heat-treated
13Co, (c) as-printed 35Co, and (d) heat-treated 35Co with recrystallized, substructured, and
deformed grains.

According to previous studies [24,25], the greater the degree of deformation, the finer
the grains will be after heat treatment. However, the grains of the 35Co alloy after heat
treatment were finer than those of the 13Co alloy. Comparing Figure 3a,b, it can be seen
that there were many small grains in the as-printed 35Co alloy, and more significant grain
boundaries can provide more positions for nucleation. However, the internal deformation
of 35Co was less than that of the as-printed 13Co alloy. Hence, the deformation energy
could not provide the required driving force, resulting in finer grains after heat treatment.

3.3. Precipitate Distribution
3.3.1. XRD Analysis

The XRD spectra of the 13Co and 35Co alloys after heat treatment are shown in
Figure 5, illustrating that the 13Co and 35Co alloys were substantially the same in terms of
their phase configuration. The diffraction peaks in 35Co were all slightly shifted to the left,
which was mainly caused by the increase in the Co content, since it increased the lattice
parameters of γ and γ′. It should be noted that no reflections from other phases could
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be revealed in the XRD analysis, which was probably due to their small fractions. Thus,
further electron microscopy investigations were conducted for the investigated alloys.

Materials 2023, 16, x FOR PEER REVIEW 8 of 21 
 

 

 

Figure 5. XRD spectra of the 13Co and 35Co alloys after heat treatment. 

3.3.2. Formation Mechanisms and the Difference in the Sizes of MC Carbide and the σ 

Phase 

Figure 6a–d clarify that SEM was used to further examine the microstructures of the 

13Co and 35Co alloys after heat treatment in the backscattered electron mode; precipitates 

formed in both alloys, as shown with the white contrast. The white precipitates randomly 

existed in the samples. In addition, they were more prominent in the 35Co alloy than in 

the 13Co alloy. SEM images recorded in five randomly selected regions were used to eval-

uate the average size and volume fraction of these white precipitates, which were deter-

mined to be 81 nm and 1.3% in 13Co and 230 nm and 2.1% in 35Co, respectively. 

 

Figure 5. XRD spectra of the 13Co and 35Co alloys after heat treatment.

3.3.2. Formation Mechanisms and the Difference in the Sizes of MC Carbide and the
σ Phase

Figure 6a–d clarify that SEM was used to further examine the microstructures of the
13Co and 35Co alloys after heat treatment in the backscattered electron mode; precipitates
formed in both alloys, as shown with the white contrast. The white precipitates randomly
existed in the samples. In addition, they were more prominent in the 35Co alloy than in the
13Co alloy. SEM images recorded in five randomly selected regions were used to evaluate
the average size and volume fraction of these white precipitates, which were determined to
be 81 nm and 1.3% in 13Co and 230 nm and 2.1% in 35Co, respectively.

The white precipitates in the two alloys were further characterized by using TEM, as
shown in Figure 7. From the high-angle annular dark field-scanning transmission electron
microscope (HAADF-STEM) micrograph and EDS maps of the 13Co alloy (Figure 7a), it
can be inferred that the white precipitates were composed of two different phases, which
was mainly because the elements Ta, Ti, and C were concentrated on one white precipitate
and Mo and W were concentrated on the other white precipitate. A similar phenomenon
appears in Figure 7b, so it can be tentatively judged that the types of the white precipitates
were the same in 13Co and 35Co alloys.

Based on the EDS mapping, the white precipitates in 13Co and 35Co were probably the
same. Figure 8 shows a further investigation of the two white precipitates in the 13Co alloy
with high-resolution TEM to clarify their structures. The existence of the standard FCC-
structured MC-phase carbide shown in Figure 8a was confirmed by the high-resolution
image in Figure 8c and the associated fast Fourier transform (FFT) pattern along the axis of

the [0,
−
1,1] zone. Figure 8b exhibits the formation of the tetragonally structured σ phase,
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which was confirmed by the high-resolution image and the associated FFT pattern along

the axis of the [
−
1,0,0] zone shown in Figure 8d.
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Figure 6. BSE images showing the microstructure after heat treatment of (a) the XZ plane of 13Co,
(b) the XY plane of 13Co, (c) the XZ plane of 35Co, and (d) the XY plane of 35Co.

Through comprehensive investigations with SEM and TEM, the white precipitates
appearing in the two alloys were identified as MC carbide and the σ phase. The formation
of MC carbide could be attributed to the segregation of Ta, Ti, and C during the final
solidification stage [26]. In Ni-based superalloys, Ta and Ti have stronger affinity with C
than other elements do [27,28], which can prevent the combination of other elements with
C, which would result in the formation of different kinds of carbides and the inhibition
of the decomposition of MC carbides. It may be that the consumption of γ′ precipitates
relative to the Al and Ti elements was less significant, thereby promoting the formation
and growth of MC carbides.

Mo and W are the main elements that formed the σ phase, as this is one of the TCP
phases [29,30]. Sites with defects tend to favor the nucleation position of the σ phase, which is
related to the low activation energy around them [31]. The ranking of defects in order of increas-
ing activation energy is as follows: grain boundaries < twin boundaries < dislocations [31,32].
Therefore, the σ phase is difficult to nucleate and grow in recrystallized grains. Due to
the mass of dislocations inside the non-recrystallized grains, many nucleation checkpoints
can be provided for the σ phase [33]. The growth of the σ phase is mainly affected by
atomic diffusion, which often needs grain boundaries and twin boundaries to provide
paths. By comparing the recrystallization profiles of the 13Co and 35Co alloys, it could
be seen that the number of non-recrystallized grains in 35Co after heat treatment was
relatively high, so there were many nucleation checkpoints for the σ phase, and the number
of grain boundaries and twin boundaries in 35Co was more significant, so it could provide
favorable diffusion paths for the growth of the σ phase.
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Figure 7. (a) HAADF-STEM image of the white precipitates and corresponding EDS mapping of
13Co. (b) Bright-field (BF) STEM image of the white precipitates and corresponding EDS mapping
of 35Co.
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Figure 8. TEM investigation of the precipitates formed in the 13Co alloy. (a) HAADF-STEM image
of MC carbides; (b) HAADF-STEM image of the σ phase; (c) HAADF-HRSTEM image and the
corresponding FFT pattern of the MC carbide; (d) HAADF-HRSTEM image and the corresponding
FFT pattern of the σ phase.

3.4. Transformation Mechanism of the γ′ Morphology

Figure 9 shows HAADF-STEM images of the γ′ precipitates and corresponding EDS
maps in the 13Co and 35Co alloys. The γ′ precipitates could not be quickly revealed in the
HAADF-STEM images, but could be confirmed by the element maps. It could be seen that
Ni, Al, Ti, and Ta were enriched in the γ′ precipitates, and Co, Cr, and Mo were enriched
in the γ matrix. By analyzing five SEM images that were recorded in randomly selected
regions of both alloys by using Image J, the volume fractions of the γ′ precipitates were
determined to be about 48% and 38%. Figure 9a reveals that the γ′ morphology was cubic
in the 13Co alloy, and the average size was about 239 nm. However, the γ′ morphology
in the 35Co alloy was spherical, as shown in Figure 9b, and the average size was about
187 nm. It can be concluded that there were obvious differences in the morphologies of the
γ′ precipitates.

Some studies have shown that the morphology of γ′ precipitates is mainly related
to the γ/γ′ lattice mismatch [34–36]. Due to the difference in the atomic radii of Co and
Ni, the addition of Co could affect the lattice parameters of γ and γ′, thereby affecting the
lattice mismatch of γ/γ′. To obtain the influence on the lattice parameters of γ,γ′ and the
lattice mismatch of γ/γ′, as shown in Figure 5, a Gaussian function was used to fit the
(200)γ/γ′ peaks in the XRD patterns, and Figure 10 exhibits the fitting results. The lattice
mismatch of γ/γ′ was then calculated with the following equations:

a =
λ

2Sinθ

√
h2 + k2 + l2 (1)
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δ =
2(aγ′ − aγ)

aγ′ + aγ
(2)

where aγ and aγ′ are the lattice parameters of the γ and γ′ phases, respectively. The
lattice parameters of γ/γ′ in 13Co and 35Co were calculated to be 0.3596/0.3619 nm and
0.3597/0.3604 nm, respectively, and the lattice mismatches of γ/γ′ were 0.64% and 0.19%,
respectively. Although the lattice mismatch of γ/γ′ in 13Co exceeded 0.5%, it still remained
cubic, which is considered normal [37]. Therefore, the morphology of the shift of the γ′

phase from cubic to spherical resulted from the increase in Co content.
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3.5. Mechanical Properties
3.5.1. Fractured Morphology

The tensile properties of the heat-treated samples were tested at room temperature and
850 ◦C. The tensile results of all specimens are shown in Figure 11. At room temperature,
the yield strength, ultimate tensile strength, and elongation were 1379 MPa, 1487 MPa,
and 5.75% for the 13Co alloy and 1231 MPa, 1350 MPa, and 8.75% for the 35Co alloy,
respectively. At 850 ◦C, the ultimate tensile strengths of the 13Co and 35Co alloys were
around 329 MPa and 412 MPa, and their elongations were 2% and 2.25%, respectively.
Compared to the 13Co alloy, the strength was increased by 25.5% and the ductility was
slightly increased for the 35Co alloy. It is worth noting that the SLM 13Co and 35Co alloys
after heat treatment showed better mechanical properties than those reported for Ni-based
superalloys. Figure 12 shows the relationship between the yield strength and (Al + Ti)
content. Based on the simple principle that alloys with (Al + Ti) content exceeding 6% are
nonweldable [38] and a yield strength over 1200 MPa is deemed high, Figure 12 is divided
into four regions.
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Figure 12. Comparison of the yield strength versus (Al + Ti)% for Ni-based superalloys in our work
and other studies; all Ni-based superalloys were prepared via selective laser melting except for two
superalloys, ZK-X and GH3230, which were prepared via laser melting deposition. Except for 13Co
and 35Co alloys, the rest of the alloys are from the Refs. [39–48].

The fractured characteristics of the tensile specimens of 13Co and 35Co at room temper-
ature are exhibited in Figure 13. Figure 13a,b demonstrate that there were some microcracks
and pores on the fracture surface. Microcrack tips often acted as stress concentration points,
causing accelerated crack propagation with extremely adverse effects on the tensile prop-
erties. In addition, a large number of dimples and intragranular tears were detected, as
shown in Figure 13b,d. Judging from Figure 13c,f, the dimples of 35Co are smaller and
deeper, indicating its better ductility than that of 13Co.
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Figure 13. Room-temperature fractures of (a–c) 13Co and (d–f) 35Co.

3.5.2. Deformed Microstructures

In order to further understand the deformation of the structures during stretching, the
side parts of the fractures were taken and characterized by using TEM. Figure 14a shows the
stacking fault shearing of the γ′ phase in 13Co; a large amount of dislocation was plugged
at the grain boundary. Generally, when the dislocations encountered the coarse γ′ particles,
the shearing and dissociation of the dislocations usually caused stacking faults [10]. On
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the other hand, under stress, at the γ/γ′ interface, the 1
2 [110] dislocation dissociated

into two Shockley dislocations, where 1/6[112] Shockley partials would shear the γ′

precipitates, leading to the formation of stacking faults [49]. When a partial dislocation
encountered a stacking fault, it could be hindered, resulting in T-shaped stacking faults.
As shown in Figure 14b, there were full 1

2 [110] dislocations in the matrix, and they often
occurred as dislocation pairs at room temperature. Therefore, the ordered γ′ phase was
sheared by weakly coupled dislocation pairs or strongly coupled dislocation pairs. There
was a large number of dislocation cells, as shown in Figure 14c, and the formation of
dislocation cells was mainly related to the large dislocation density and the accumulation
of dislocations. In addition, the phenomenon of nanoparticle-pinning dislocations was also
found, as shown in Figure 14d. Fine and dispersed nanoparticles were strong barriers for
dislocation glide [18]. Since the nanoparticles could hinder the movement of dislocations,
dislocation entanglement occurred at the interface of incoherent nanoparticles and the γ

matrix, resulting in local stress concentration and plasticity reduction.
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Figure 14. Deformed microstructure in the fractured specimen of 13Co: (a) stacking faults and
dislocation pile-up; (b) stacking faults that sheared precipitates and interacted with dislocations;
(c) dislocation cells; (d) nanoparticle-pinned dislocations.

More stacking faults and T-shaped configurations can be observed in Figure 15a,c. A
large number of dislocation pairs that sheared γ′ particles can be observed in Figure 15b; an
APB-coupled dislocation pair that shears the γ′ phase is a common deformation mechanism
in Ni-based superalloys [50,51]. Deformed microtwins can also be observed in Figure 15d.
Microtwins and stacking faults caused by dislocation dissociation play a key role in the
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strengthening process of alloys. The contributions of different strengthening mechanisms
to the strength of the two alloys will be shown in the next section.
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3.5.3. Effect of Microstructure on Mechanical Properties

Based on the previous microstructural analysis of 13Co and 35Co, the differences were
mainly reflected in the γ′ phase, MC carbide, and σ phase. To explain the difference in
mechanical properties between the two superalloys, a physical model was established to
quantify the various effects on the yield strength of the alloys at room temperature. The
yield strength σ0.2 is the sum of the strength contributions of each mechanism, mainly
including solid solution strengthening σss, grain boundary strengthening σGb, γ′ phase
strengthening σp, and nano-phase strengthening σp-cut.

σ0.2 = σSs + σGb + σP + σp−cut (3)
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Solid Solution Strengthening

For γ′-precipitation-strengthened Ni-based superalloys, L. Gypen [52] et al. proposed
an expression for calculating σss:

σSs = (1− fγ′)
[
∑
(

βix
1/2
i

)2
]1/2

(4)

where fγ′ represents the volume fraction of the γ′ phase. xi is the atomic percentage of the
i-th element represented in the γ matrix, and βi represents the solid solution strengthening
coefficient of the i-th element, which is related to the elemental atomic radius and modulus.
The βi coefficient was determined with reference to [53].

Grain Boundary Strengthening

The grain boundary strengthening of Ni-based superalloys follows the Hall–Petch
relationship and can be expressed as:

σGb = KHpd−1/2 (5)

where KHP is an experimental constant related to the material properties and d is the average
grain size. For superalloys, the value of KHP ranges from 710 to 750 MPa·µm−1/2 [50], and
in this study, the KHP value of 710 was used [54].

3.5.4. Precipitation Strengthening

Precipitation strengthening is the most essential strengthening mechanism in Ni-
based superalloys. The critical resolved shear stress (CRSS), which is defined as a driving
force that can make dislocation pairs pass through the γ′ phase, is proportional to the
precipitation intensity [54]. The precipitation strengthening can be divided into weak pair
coupling, strong pair coupling, and the Orowan ring, which is based on the relationship
between the size of the precipitates and the distances of the pairs of dislocations. According
to Reed’s theory [55], the shear stress of weak pair coupling, strong pair coupling, and pair
coupling can be described as

τweak =
γAPB

2b

[(
6γAPB f r

2πT

)1/2
− f

]
(6)

τstrong =

√
3
2

(
Gb
r

)
f 1/2

π2/3

(
2πγAPB

Gb2 − 1
)1/2

(7)

where b and G represent the Burgers vector and shear modulus, respectively; this study used
0.254 nm [56] and 80 GPa [54,57,58]. T is the line tension of dislocation and is numerically
equal to (Gb2)/2. R and f represent the average size and volume fraction of the γ′ phase.
γAPB is the APB energy, which represents the threshold required for dislocations to shear
through the precipitate. Furthermore, γAPB can be expressed as follows [59]:

γAPB = γ0
APB +

n

∑
i=1

kici (8)

where ci is the atomic fraction of solute i in the γ′ phase, n is the number of solute elements
in the γ′ phase, and γ0

APB = 195 mJ/m2 [60]. Here, the coefficient of APB energy change, ki,
is determined by density functional theory (DFT) with reference to [59].

When the size of the precipitates exceeds the critical radius of γ′, the dislocation can
bypass the γ′ phase to form an Orowan ring, and the CRSS τorowan of the Orowan ring is
described as follows [61]:

τorowan =
3Gb
2L

(9)
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L =

(
2π

3 f

)1/2
r (10)

σP = M
(

τn
weak + τn

strong + τn
orowan

)
(11)

where M is the Taylor factor, which was taken as 3.06 [57], and n is a fitting coefficient,
which was taken as 5/6 in this work.

Nanoparticle Strengthening

According to the R-B model [62], precipitates will interact with a dislocation, thus
hindering the movement of the dislocation and resulting in an increase in intensity [63].
Assuming that dislocations can be accordingly strengthened through weak particles, the
expression is as follows [62]:

σp−cut = M
Gb
L

[
1−

(
Ep

Em

)2
]3/4

(12)

where Ep represents the dislocation line energies in the nanoparticles and Em represents the
dislocation line energies in the γ matrix. L is the average distance between nanoparticles in
the glide plane. The Ep/Em ratio is 0.62 [64].

In the 13Co alloy, the strength contribution of each part was σss = 220.85 MPa,
σGb = 140.08 MPa, σp = 961.69 MPa, and σp−cut = 41.64 MPa; in the 35Co alloy, the strength
contribution of each part was established to be σSs = 259.88 MPa, σGb = 169.38 MPa,
σp = 954.61 MPa, and σp−cut = 18.65 MPa. To sum up, the results of the calculated yield
strengths of the 13Co and 35Co alloys were in agreement with the experimental results.
In the 13Co and 35Co alloys, precipitation strengthening contributed the most, followed
by solid solution strengthening. This indicated that the size and volume fraction of γ′

precipitates had the greatest influence on the yield strength of the 13Co and 35Co alloys.

4. Conclusions

In this study, 13Co and 35Co alloys were successfully fabricated via SLM. The effects
of Co on the microstructure and properties of the additively manufactured superalloys
were systematically investigated, and the main conclusions can be summarized as follows.

(1) After heat treatment, the grain size of the 13Co alloy was coarser than that of the
35Co alloy, since the larger strain formed in the as-printed 13Co alloy could provide a
driving force for grain growth.

(2) MC carbides and the σ phase were observed in both 13Co and 35Co, and their size
increased from 80.54 nm to 230 nm with the increase in Co content. The increase in Co
reduced the consumption of γ′ relative to the Al and Ti content, thereby promoting
the formation and growth of MC carbides. The size difference of the σ phase was
mainly related to the large number of dislocations in the non-recrystallized grains
after heat treatment.

(3) As the Co content increased from 13 wt.% to 35 wt.%, the lattice mismatch of γ/γ′

decreased from 0.64% to 0.19%, and the morphology of the γ′ precipitates shifted
from cubic to spherical.

(4) At room temperature, the yield strength of 13Co was 10.7% higher than that of 35Co,
but the ductility is relatively lower, since the 13Co alloy had more internal cracks
and the dislocation entanglement and local stress at the interface of incoherent nano-
particles and the γ matrix led to a decrease in the elongation.

(5) The strengthening mechanism of the 13Co and 35Co alloys was dominated by precipi-
tation strengthening, which contributed about 70% to σ0.2, followed by solid solution
strengthening.
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Abstract: In this work, the method of electron beam additive manufacturing (EBAM) was used to
fabricate a Cu-based alloy possessing a shape memory effect. Electron beam additive technology is
especially relevant for copper and its alloys since the process is carried out in a vacuum, which makes
it possible to circumvent oxidation. The main purpose of the study was to establish the influence of the
printing parameters on the structure of the obtained products, their phase composition, mechanical
properties, dry friction behavior, and the structure-phase gradient that formed in Cu–Al–Mn alloy
samples during electron beam layer-by-layer printing. The results of the study allowed us to reveal
that the structure-phase composition, the mechanical properties, and the tribological performance
of the fabricated material are mainly affected by the magnitude of heat input during electron beam
additive printing of Cu–Al–Mn alloy. High heat input values led to the formation of the β1′ + α

decomposed structure. Low heat input values enabled the suppression of decomposition and the
formation of an ordered 1 structure. The microhardness values were distributed on a gradient from
2.0 to 2.75 GPa. Fabricated samples demonstrated different behaviors in friction and wear depending
on their composition and structure, with the value of the friction coefficient lying in the range between
0.1 and 0.175.

Keywords: shape memory alloy; electron beam additive manufacturing; heat input; microstructure;
mechanical properties; tribological performance

1. Introduction

Copper has good ductility, electrical conductivity, and thermal conductivity, which
allows it to be used in a wide range of industries. In particular, copper-based alloys are
traditionally used as materials for tribo-conjugations and friction units. Among all copper
alloys, it is worth noting such an important class of materials as the shape memory alloys
(SMA), the interest in which has recently increased [1–7].

In Cu–Al alloys, the β phase of the bcc A2 structure is formed directly from the melt.
Furthermore, it undergoes an order–disorder transition: A2 (disordered bcc Cu) → B2
(CuAl)→ D03 (Cu3Al) [8]. Phase transformation-induced effects of shape memory and
superelasticity consist of phase transitions from the high-temperature austenite phase to
the low-temperature martensite phase and vice versa [9]. This is the main characteristic
responsible for the properties of this class of alloys [10]. Phase transition temperatures
for aluminum bronze are strictly dependent on the chemical composition of the alloy, as
shown elsewhere [4,11–13].

Cu–Al–Mn alloys differ favorably from other copper-based SMA due to alloying
with manganese. Manganese increases mechanical and corrosion properties and improves
the technological characteristics of Cu–Al alloys. It increases not only strength, but also
plasticity and, consequently, the ability for pressure-assisted machining. Bronze Cu–9Al–
2Mn is well treated by pressure in both hot and cold conditions, whereas bronzes Cu–9Al–
3Fe, Cu–10Al–3Fe–1Mn, and Cu–10Al–4Fe–4Ni are well deformed only in the hot state. At
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the same time, manganese significantly affects the formation of the beta phase, expanding
the temperature range of its existence [9]. In tribology, martensitic transformations are
considered new mechanisms of friction and structural adaptability of the material to
loading conditions [14–16]. Dependence of the mechanical properties of these alloys on
their structure was studied in [17,18]; to enhance these properties, it was suggested to use
the addition of different elements.

Methods that are the most widely used for manufacturing Cu–Al–Mn bronze products
include powder metallurgy and vacuum casting. At the same time, methods of local
metallurgy and additive technologies are rarely represented in the literature in relation to
such alloys, although they have wide possibilities for manufacturing materials with specific
characteristics. Since these technologies allow varying the chemical composition of the
material during layer-by-layer printing, they make it possible to create a structure-phase
gradient with the required physical and mechanical properties in the finished product or
semi-finished product directly in the local area exposed to load. This is especially topical
for all Cu–Al alloys widely used in tribotechnical applications [19–21].

In this work, the method of electron beam additive manufacturing (EBAM) was used
to fabricate wear resistant Cu–Al–Mn samples. Electron beam technology is particularly
relevant for copper and its alloys since the process is carried out in a vacuum, which makes
it possible to circumvent oxidation. The structure formation under the conditions of local
fusing that characterize additive manufacturing is a complex process. However, additive
manufacturing methods are now being increasingly used. As a result, understanding
the structure formation in additive manufacturing technology has become a hot research
topic. Due to the use of manganese aluminum bronze in tribo-conjugations, wear behavior
analysis of fabricated samples also needs to be performed.

Because of their complex crystallization process, aluminum bronze alloys are very
sensitive to technology and production parameters [9]. Recently, a large number of papers
have appeared devoted to the additive manufacturing of nickel aluminum bronze [22,23],
while much fewer studies have dealt with the additive manufacturing of manganese
aluminum bronze.

The main purpose of the study was to establish the influence of the printing process
parameters on the structure of the obtained products, their phase and chemical composition,
mechanical properties, wear performance, and the structure-phase gradient that formed in
Cu–Al–Mn alloy samples during electron beam layer-by-layer printing.

2. Materials and Methods

Commercial Cu–7Al aluminum bronze wire was selected for additive printing of the
lower layers of the workpiece. Cu–Al bronze was chosen as the underlayer because it has a
similar chemical composition, which excludes the formation of intermetallic compounds
and the appearance of particles of a material other than aluminum bronze in the fusion zone
of the layers of the underlayer material and Cu–Al–Mn layer. AISI 321 stainless steel was
used as a substrate because it has a good ability to fuse with aluminum bronze. Substrate is
a consumable material from which the finished product is cut off after printing is completed.
Two Cu–Al–Mn alloys were used to print the upper layers; their chemical composition is
given in Table 1. Cu–Al–Mn bronze was originally supplied in ingots manufactured by the
standard metallurgical method. For additive printing, the ingots were cut into bars of the
size of 3 × 3 × 20 mm, after which the surfaces of the bars were ground using sandpaper
of 240 grit.

Table 1. Chemical composition of raw materials (wt.%).

Material Cu Al Mn

Aluminum bronze (Cu–7Al) 93.5 6.3 0.2
Alloy 1 (Cu–11Al–9Mn) 79.2 11.2 9.6
Alloy 2 (Cu–11Al–4Mn) 85.1 11 3.9
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For printing, a laboratory EBAM machine manufactured at the Institute of Strength
Physics and Materials Science of the Siberian Branch of the Russian Academy of Sciences
was utilized. This machine has been successfully used for 3D printing of various metal and
alloy products with interesting properties that have been thoroughly studied and discussed
elsewhere [24,25]. The main unit of the machine is an electron gun with a thermionic
cathode in the form of a tantalum tablet with indirect heating. The accelerating voltage of
this gun is 30 kV. The electron gun is equipped with a system for focusing and moving the
electron beam. It is also possible to form various scans of the electron beam (ellipse, spiral,
line, etc.). The printed material is usually fed in the form of a wire.

The printing process on the EBAM machine consists of the following steps:

• A substrate is installed on a copper water-cooled table.
• The focus of the electron beam is adjusted to the surface of the substrate.
• The wire feed mechanism is adjusted so that the wire falls into the area of the electron

beam on the substrate (the wire is fed at an angle of ~45◦ to the table surface in the
center of the beam).

• A working pressure (vacuum) is created.
• Printing is performed according to the specified algorithm for the formation of layers.

When printing, the electron beam forms a melt bath on the surface of the sub-
strate/sublayer where the wire is fed, and the table is moved along three coordinates
in accordance with the chosen printing strategy.

The preferred type of material transfer is continuous transfer, when the wire melts
upon contact with the melt bath or its proximity without forming droplets. Drop transfer
is less preferable because, in this case, it is hard to control the geometric shape of the
product, and drops of molten filament can be greatly overheated, which in turn can lead to
evaporation of some elements (in the presence of low-melting elements, a drop can spray
without getting into the melt bath). Moreover, in some cases, radiation from the electron
beam impact zone can repel droplets of molten filament.

Printing is carried out in a vacuum with a working pressure of 5 mPa. To remove
excess heat energy during operation, the workpiece is formed on a substrate (in this work
it is steel) located on a copper table with liquid cooling.

The bar method of material feeding during additive printing of Cu–Al–Mn layers
was used in this work. This method has a higher productivity in comparison with wire
feed and allows us to work with a wide range of materials, not limited to wire filaments.
However, Cu–7Al layers were printed using the standard wire feed method. The printing
process was arranged as follows: a Cu–7Al layer of the required height was applied to the
steel substrate by using wire feed method. The wire feeder was removed from the table, a
bar feeder was supplied, and further Cu–Al–Mn printing was carried out using bars. The
image of the EBAM machine camera at the start of the process is shown in Figure 1.

The combined printing method described above makes it possible to create layers of
material with a structure-phase gradient by controlling the temperature regime of printing
and the depth of the mixing zone, and it also provides ample opportunities for creating
layered structures with alternating layers of different materials.

The macrostructure of the obtained samples is depicted in the optical image of the
typical cross-section shown in Figure 2a. The sample is fabricated in accordance with the
specified printing strategy; therefore, the macrostructure of the cross-section is represented
by crystallized melt pools 1 with a width of 3–4 mm (clearly seen in Cu–Al–Mn layers). This
is because, in this work, a printing strategy with intermittent application of parallel layers
was used (Figure 2b); when between passes, the sample was kept for a short time (10 s
corresponding to dots in Figure 2b), required for changing the bar in the feeder, changing
the printing track, and cooling the sample. As a result, boundaries were formed between
adjacent tracks consisting of smaller grains crystallized at a higher speed. It is also worth
noting the transition zone 3 in Figure 2a, formed at the border of the fusion of two bronzes.
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In the process of fabricating samples, the most optimal regime of printing and post-
processing of the workpiece was selected to obtain the required parameters of the structure
and chemical composition.

The calculation of heat input E during printing was carried out according to the
following formula:

E =
60×U × I
1000×V

, (1)

where U is the voltage (kV), I is the current (mA), and V is the print speed (mm/min).
The selected parameters of the printing regimes are shown in Table 2.
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Table 2. Selected parameters of the printing regimes.

Regime Current
I, mA

Voltage
U, kV

Print Speed
V, (mm/min)

Heat Input
E, kJ/mm

0 40 30 50 1.44
1 40 30 100 0.72
2 40 30 200 0.36
3 40 30 300 0.24
4 40 30 400 0.18

When printing samples, it was found that the optimal regimes for obtaining intact
Cu–Al–Mn samples were regimes 1–3 since printing in the regime 0 with high heat input
led to an increase in the edge effect of the workpiece and, accordingly, its irregular shape.
Printing in the low heat input regime, with high print speed (regime 4), led to the absence
of fusion of bronze layers, as well as the formation of discontinuities and pores between
the layers. After fabrication, some samples were subjected to homogenization annealing at
a temperature of 900 ◦C for 4 h, followed by cooling into water.

Thus, hereinafter, we denote the fabricated samples as X-YAS, where X is the raw
alloy (ingot) number in Table 1, and Y is the regime number in Table 2. The annealed
samples are correspondingly denoted as X-YAN.

A field-emission scanning electron microscope (FE SEM) Tescan MIRA 3 LMU (TES-
CAN ORSAY HOLDING, Brno, Czech Republic) equipped with Oxford Instruments Ultim
Max 40 EDS detector (Oxford Instruments, High Wycombe, UK) was used to analyze the
structure of the materials fabricated in this work. The structure analysis was carried out
with the following parameters: accelerating voltage, 20 kV; beam current, 1.6 nA. The
analysis results were processed in AZtec v. 4.2 licensed software (Oxford Instruments, High
Wycombe, UK). The samples for SEM analysis were cut in a direction perpendicular to
the printing plane and were prepared by diamond polishing until 1 µm followed by silica
polishing. The same samples were used later to measure microhardness.

The crystal structure of the samples was studied by X-ray diffraction using Shimadzu
XRD-7000S (Shimadzu, Kyoto, Japan) in a Bragg–Brentano configuration using Cu–Kα1
radiation at 40 kV and 30 mA. The phase composition of the samples was identified using
PDF-4+ 2015 software (ICDD, Newtown Township, PA, USA). The samples for XRD studies
with dimensions of 10 × 10 mm were cut out in the printing plane from the uppermost
layer; their surface was ground mechanically using sandpaper (400–2000 grit) followed by
diamond polishing to 6 µm.

Microhardness was measured using a “Duramin-5” (Struers A/S, Ballerup, Denmark)
microhardness tester at 100 g load. Wear tests were evaluated on a pin-on-disc tribometer
(Tribotechnic, Clichy, France) operated at 0.1 m/s speed with a 20 N load for 90 min. Discs
made of 440C steel were used as counterbodies.

3. Results and Discussion
3.1. Microstructure of the Obtained Samples

A set of EDX spectra were analyzed from square sections with a side of 250 µm and a
step of 250 µm, starting from the substrate and finishing at the upper part of the sample.
During the analysis, it was found out that the structure of the samples had a directional
gradient of chemical composition (Figure 3). The manganese content depended on the
value of the heat input and determined the structure-phase gradient formed in the samples.
It is also worth noting the difference in the width of the gradient zone from the Cu–7Al
substrate to the Cu–Al–Mn layers. In general, the gradient area could be divided into the
following characteristic zones: (i) a zone of a sharp increase in the content of Mn; (ii) a
zone of instability; (iii) a zone with a stable content of alloying elements. Annealing after
printing significantly affected the structure of the gradient zone, leveling the chemical
composition in the transition zone from Cu–7Al to Cu–Al–Mn. On the basis of the EDX
analysis data, it was revealed that the pronounced transition zone formed during the
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printing and characterized by an uneven phase composition, as well as a reduced Mn
content, was leveled during annealing, as can be seen in the plots in Figure 3. Due to the
temperature treatment, it was possible to homogenize this area; however, in the case of
Cu–11Al–9Mn alloy, this led to a blurring of the chemical composition of the transition
zone (Figure 3).
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Figure 3. Concentration of manganese in the height of the samples in the state after printing 
(X-YAS) and after annealing (X-YAN): (a) fabricated from Alloy 1; (b) fabricated from Alloy 2. 
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Figure 3. Concentration of manganese in the height of the samples in the state after printing (X-YAS)
and after annealing (X-YAN): (a) fabricated from Alloy 1; (b) fabricated from Alloy 2.

It should be noted that, when printing in regimes with high heat input (1, 2), man-
ganese burned out, whereas printing in regime 3 did not lead to significant losses (Figure 3).
This effect is a well-known problem of temperature treatment or fabrication of metal
materials.

Table 3 shows the data of quantitative EDX analysis collected from the top layer of
samples. Sections of 250 × 250 µm were analyzed to certify the obtained material. The data
in Table 3 show that a homogeneous layer of material was obtained at a distance of 2–3 mm
from the Cu–7Al substrate as a result of the formation of a transition zone in the samples.
This transition zone, in turn, was caused by mixing the deposited layers and substrate
Cu–7Al layers.

Table 3. EDX analysis data (wt.%).

Sample Cu Al Mn

1-1AS 83.0 10.6 6.4
1-2AS 80.9 10.9 8.2
1-3AS 79.6 11.1 9.3
2-1AS 87.1 10.8 2.1
2-2AS 86.1 10.8 3.1
2-3AS 85.5 10.8 3.7

Figure 4 depicts SEM micrographs of Cu–Al–Mn alloy samples immediately after
printing in different regimes, and Figure 5 shows the same samples after annealing. The
structure of Cu–11Al–4Mn alloy samples represents the consequences of the eutectoid
decay of the β-phase. The ratio β/α depends on the printing regime since light elements
burn out during the printing process, which also affects the width of the β-phase forma-
tion zone [26,27]. In the printing regime with low heat input (sample 2–3 in Figure 5f),
crystallization occurs quickly due to the cooling of the table and the high print speed; the
decay does not have time to occur sufficiently. The structure is mainly represented by the
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martensitic phase, with the formation of the α-phase only along the boundaries. Printing
regimes with medium and high heat input lead to a greater degree of manganese burnout,
greater heating of the sample and, as a result, a greater proportion of the formed grains of
the α-phase (Figure 5d,e).

Materials 2023, 16, x FOR PEER REVIEW 7 of 16 
 

 

2-3AS 85.5 10.8 3.7 

Figure 4 depicts SEM micrographs of Cu–Al–Mn alloy samples immediately after 
printing in different regimes, and Figure 5 shows the same samples after annealing. The 
structure of Cu–11Al–4Mn alloy samples represents the consequences of the eutectoid 
decay of the β-phase. The ratio β/α depends on the printing regime since light elements 
burn out during the printing process, which also affects the width of the β-phase for-
mation zone [26,27]. In the printing regime with low heat input (sample 2–3 in Figure 5f), 
crystallization occurs quickly due to the cooling of the table and the high print speed; the 
decay does not have time to occur sufficiently. The structure is mainly represented by the 
martensitic phase, with the formation of the α-phase only along the boundaries. Printing 
regimes with medium and high heat input lead to a greater degree of manganese burn-
out, greater heating of the sample and, as a result, a greater proportion of the formed 
grains of the α-phase (Figure 5d,e). 

   
(a) (b) (c) 

   
(d) (e) (f) 

Figure 4. SEM-BSE images of as-printed samples microstructure: (a–c) for Alloy 1, 1–3 regimes, 
respectively; (d–f) for Alloy 2, 1–3 regimes, respectively. 

Due to the initially higher amount of manganese in Cu–11Al–9Mn alloy samples, 
crystallization from the high-temperature β-phase occurred with the formation of an 
ordered β1-phase [26,27]. Printing in a low-heat-input regime (samples 1–3 in Figure 5c) 
with quick cooling allowed suppressing eutectoid decomposition and obtaining a sample 
with large grains of the ordered β1-phase (except the transition zone in which, due to 
mixing with Cu–7Al substrate, the alloy was depleted) [28,29]. Printing regimes with 
medium and high heat input led to the decomposition of the ordered β1-phase and the 
formation of the α + β1′ system, similar to samples from Alloy 2 (Cu–11Al–4Mn). At the 
same time, the grain structure of sample 1-2 (Figure 5b) was characterized by both the 

Figure 4. SEM-BSE images of as-printed samples microstructure: (a–c) for Alloy 1, 1–3 regimes,
respectively; (d–f) for Alloy 2, 1–3 regimes, respectively.

Due to the initially higher amount of manganese in Cu–11Al–9Mn alloy samples,
crystallization from the high-temperature β-phase occurred with the formation of an
ordered β1-phase [26,27]. Printing in a low-heat-input regime (samples 1–3 in Figure 5c)
with quick cooling allowed suppressing eutectoid decomposition and obtaining a sample
with large grains of the ordered β1-phase (except the transition zone in which, due to
mixing with Cu–7Al substrate, the alloy was depleted) [28,29]. Printing regimes with
medium and high heat input led to the decomposition of the ordered β1-phase and the
formation of the α + β1

′ system, similar to samples from Alloy 2 (Cu–11Al–4Mn). At the
same time, the grain structure of sample 1-2 (Figure 5b) was characterized by both the
presence of large grains characteristic of the ordered β1-phase and a two-phase structure,
as a consequence of the influence of the width of the transition zone.

The samples fabricated from Alloy 2 (Cu–11Al–4Mn) and subjected to annealing
were characterized by a homogeneous needle-shaped martensitic structure with a well-
defined interface between Cu–7Al layers and Cu–Al–Mn layers. After annealing, the
samples fabricated from Alloy 1 (Cu–11Al–9Mn) had different structures depending on
the printing regime. Thus, sample 1-1, printed with high heat input, transformed into
martensite completely, sample 1-3, printed with low heat input, remained unchanged, and
the intermediate sample 1-2, due to its wide transition zone, was divided into two parts,
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the lower of which (located closer to Cu–7Al) transformed into martensite, and the upper
remained in the β1 phase.
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respectively; (d–f) for Alloy 2, 1–3 regimes, respectively.

3.2. Microhardness of the Obtained Samples

Figure 6 presents the distributions of the microhardness along the height in all printed
samples. According to an analysis of the data from Figures 3 and 6, the availability and
width of the transition zone produced a structure-phase gradient that resulted in a gradient
distribution of hardness in the samples. Samples printed from Alloy 1 (Cu–11Al–9Mn)
were characterized by a specific zone of increased hardness (Figure 6a), a sharp increase
in hardness in the transition zone, and its uniform distribution in the rest of the printed
layer. Samples printed using bars from Alloy 2 (Cu–11Al–4Mn) were characterized by a
smooth increase in hardness in the transition zone and an uneven distribution of hardness
in the upper part of the samples (Figure 6b). This unevenness was due to the presence
of a soft α-phase and a martensitic phase with high microhardness and excellent wear
resistance [16]. A dependence of the width of the transition zone on the printing regime
and heat input was also noted.
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materials in different structural states. AS samples demonstrate a relatively low coeffi-
cient of friction in the range from 0.11 to 0.17. At the same time, the friction behavior of 
AS samples differs slightly among themselves. Because of the large amount of soft 
α-phase, sample 2-1AS had the lowest CoF, and sample 2-3AS had a CoF value between 
2-1AS and samples 1-1AS and 1-3AS. However, all AS samples had a stable friction be-

Figure 6. Distribution of the microhardness over the height of the samples printed from Alloy 1
(a) and Alloy 2 (b).

Figure 7 presents the distributions of the microhardness along the height in the an-
nealed samples. As can be seen from these plots, due to microstructural changes caused
by annealing, the microhardness of the samples of series 2 and sample 1-1AN was within
the same interval of values (2.0–2.4 GPa). This confirms the fact that annealing with quick
cooling led to the transition of the structure to the martensitic phase, which can also be
seen in Figure 5. Different properties of samples 1-2AN and 1-3AN can be explained by the
fact that the transformation to the martensitic phase in them was restrained from the stable,
ordered β1-phase.
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3.3. Wear Analysis

The results of pin-on-disc measurements are presented in Figure 8 and Table 4 for
materials in different structural states. AS samples demonstrate a relatively low coefficient
of friction in the range from 0.11 to 0.17. At the same time, the friction behavior of AS
samples differs slightly among themselves. Because of the large amount of soft α-phase,
sample 2-1AS had the lowest CoF, and sample 2-3AS had a CoF value between 2-1AS and
samples 1-1AS and 1-3AS. However, all AS samples had a stable friction behavior with a
short run-on stage and uniform CoF after process stabilization. The value of wear was also
different for different printing conditions; however, in general, it was typical for aluminum
bronze [30,31].
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surfaces (b).

Table 4. Wear rate of the fabricated samples in sliding friction.

Sample Specific Wear Rate, mm3/(m·N) × 10−4

1-1AS 1.10
1-3AS 1.05
2-1AS 1.32
2-3AS 1.22

SEM analysis of friction surfaces (Figure 8b) showed a similar wear mechanism for
all structure states. Oxides (the dark spots in Figure 8b) were formed during friction and
were then crushed into smaller particles and smeared on the counterbody, forming a stable
tribolayer. However, the difference in the structure and phase composition also led to
uneven wear. For example, samples with a large amount of soft α-phase wore more quickly.

3.4. X-Ray Phase Analysis

Cu–11Al–9Mn alloy was characterized by two types of phase composition depending
on the printing regime. The samples with high heat input underwent eutectoid decomposi-
tion, as evidenced by XRD data (Figure 9). Depending on the printing regime, the ordered
β1 phase either managed to complete the transition to α + β1

′ (Figure 9c) or partially
remained unchanged (Figure 9b). In the case of printing in the regime of the minimum
permissible heat input (Figure 9a), the absence of Mn burnout and the high cooling rate
made it possible to suppress decomposition, and the sample remained in the ordered β1
phase [8,16,26,32].

As can be seen from Figure 10, the phase composition of the printed Cu–11Al–4Mn
layers strongly depended on the printing regime. Thus, the Cu–11Al–4Mn alloy samples
were characterized by a structure with the presence of the following two phases: R18-type
martensite and α-phase. The appearance of the α-phase was caused by the eutectoid
decomposition, which is typical for bronzes [33,34]. As can be seen from the comparison
of SEM images (Figure 4) and XRD diagrams (Figure 10), in the low-heat-input regime,
the cooling of the sample was faster and, consequently, less α-phase had time to separate.
Accordingly, as evidenced by the high degree of intensity of X-ray peaks, mainly R18
martensite was present in the sample. Samples printed at high heat input values contained
much more α-phase since high beam energies during printing contributed to high sample
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heating. From the XRD diagrams of the samples subjected to annealing (Figure 10b,d,f), it
can be seen that the heat treatment allowed them completely transform into the martensitic
phase.
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Figure 9. XRD diagrams of samples fabricated from Alloy 1: after printing (a); after annealing (b). 
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Figure 10. XRD diagrams of samples fabricated from Alloy 2: after printing (a), after annealing (b). 
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heat input, the narrower the gradient zone. Subsequent heat treatment eliminated the 
difference, and the width of the gradient zone for all printing regimes was smoothed. The 
structure-phase gradient also caused an uneven distribution of mechanical characteristics 
in the areas of the printed workpiece. Thus, the presence of a soft α-phase led to an un-
even distribution of microhardness even in the upper layers, whereas the availability of 
solid β1 and β1′-phases contributed to an increase in mechanical characteristics and con-
sequently wear resistance. It is known that an increase in the amount of aluminum in-

Figure 10. XRD diagrams of samples fabricated from Alloy 2: after printing (a), after annealing (b).

133



Materials 2023, 16, 123

3.5. Discussion

The bulk samples from two alloys, Cu–11Al–4Mn and Cu–11Al–9Mn, were printed
using the electron beam method at different heat input values. As an additional temperature
treatment, some of the samples were annealed. The study showed a strict dependence
of the structure-phase composition and mechanical characteristics on heat input during
electron beam additive printing of the Cu–Al–Mn SMA alloys. It was established that the
most optimal printing parameters corresponded to the value of heat input in the range
from 0.24 kJ/mm to 0.72 kJ/mm, since they allowed obtaining a solid workpiece of the
correct shape, without pores and melting defects, of controlled element-phase composition.
Other authors also reported that alloys of aluminum bronze fabricated by different additive
technologies with practically the same heat input had no pores or other defects [32,35,36].
The surface of the additively printed samples is usually not suitable for further practical
use and must additionally postprocessed. For example, laser beam treatment can be used
for the additional processing of the surfaces of the additively manufactured copper-based
SMA [37].

The analysis of the microstructure by the SEM method showed a significant difference
in the structure of samples printed with different heat input values. Thus, in the case of
low heat input, the Cu–11Al–9Mn alloy sample remained in the ordered cubic β1

′-phase,
and large grains were formed. It is worth noting that the same structure had the samples of
Cu–Al–N—Mn bronze fabricated by selective laser melting in [32]. However, in the case of
large values of heat input, the heat sink was insufficient, and the eutectoid decomposition
had time to begin; the ordered β1

′-phase decomposed into α and β.
The gradient zone formed in the samples also depended on the heat input: the less

heat input, the narrower the gradient zone. Subsequent heat treatment eliminated the
difference, and the width of the gradient zone for all printing regimes was smoothed. The
structure-phase gradient also caused an uneven distribution of mechanical characteristics
in the areas of the printed workpiece. Thus, the presence of a soft α-phase led to an
uneven distribution of microhardness even in the upper layers, whereas the availability
of solid β1 and β1

′-phases contributed to an increase in mechanical characteristics and
consequently wear resistance. It is known that an increase in the amount of aluminum
increases microhardness, as well as wear resistance [30]. However, the friction process
and CoF mainly depend not only on hardness, but also on microstructure. That is why
annealed martensitic samples possessing hardness lower than β1 samples exhibited less
wear. Intermetallic inclusions of solid phases also helped to significantly improve the
characteristics of Cu–Al bronzes under dry friction [31].

Varying the heat input made it possible to control the structure, phase composition,
and the structure-phase gradient. Thus, the variation of heat input when working with the
raw material of Alloy 2 (Cu–11Al–4Mn) led to a significant change in the material. The
formation zone of the β-phase narrowed due to changes in the chemical composition in
the formed melt bath. In the process of further crystallization of the melt, the eutectoid
decomposition of the β-phase into martensitic β1

′ and α occurred. Depending on the
printing regime, the melt had time to decompose (in the case of high heat input) or did not
have time (in the case of low heat input). The above analysis confirms that the effect of heat
input was much higher and provided more possibilities for the studied material than for
Cu–Si–Mn alloys [38].

When printing from the raw material of Alloy 1 (Cu–11Al–9Mn) in the low-heat-input
regime, eutectoid decomposition did not occur at all during crystallization, allowing the
fabrication of a workpiece with a typical bronze structure consisting of grains elongated
in the direction of the temperature gradient. Printing in the regime of high heat input
also led to excessive burnout of Mn and the beginning of eutectoid decomposition. Cu–
Al–Mn alloys containing about 10 at.% Mn and 15–23 at.% Al were also characterized by
ferromagnetic behavior, which was caused by the formation of the ferromagnetic β3-phase
of Cu2AlMn composition [39].
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The phase composition affected wear performance since samples with a soft phase
showed a lower CoF value. In general, the nature of the wear behavior and the CoF
value dynamics of printed samples were comparable with the literature data for bronze
alloys [19,30]. By and large, the friction mechanisms of alloys possessing a shape memory
effect are much more complex, including the formation of a structured tribolayer (wear
particles and oxides from both the sample and the counterbody) and deformation processes
in the near-surface layer [40]. Factors such as texture and adhesion transfer also play an
important role, which were discussed in detail in [41,42]. A detailed assessment of all the
factors influencing the friction of additively printed SMA Cu–Al–Mn bronzes can be the
subject of a more extensive study and should undoubtedly be considered in future.

4. Conclusions

On the basis of the results obtained from this study, the following conclusions can be
made:

1. We showed that the method of combined wire and bar feeding is promising for
electron-beam additive manufacturing of Cu–Al–Mn shape memory alloys. Due to
the variation of print regimes and filaments, samples with different structures and
phase compositions were obtained. Print regimes with small heat input proved to
be the most effective because they allowed both avoiding defects and producing the
required chemical composition of the material.

2. Varying the heat input in the electron-beam additive manufacturing was evaluated
on the basis of the structure analysis of the fabricated samples. It was established
that crystallization occurred directly into the β-phase, which allowed obtaining the
material without additional heat treatment in the case of raw material 1 (Cu–11Al–
9Mn). In the case of raw material 2 (Cu–11Al–4Mn), heat treatment was necessary
in any case. Thus, samples in a state characterized by phase transformation, which
caused the shape memory effect, were obtained by 3D printing with a combined
technology of material supply and subsequent heat treatment.

3. Structure analysis and analysis of the microhardness distribution allowed us to de-
scribe the structure-phase gradient formed in the fabricated samples during EBAM.
Tribological tests allowed us to evaluate the effect of the print regime on the wear per-
formance of the fabricated samples. Thus, the materials with a higher content of soft
phase had better sliding friction characteristics, while the materials containing hard
phase possessed worse ones. Creating a directional gradient in layer-by-layer printing
(by varying the printing parameters) allows controlling the mechanical behavior of
the resulting sample in the most stress-prone areas.
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Abstract: In this Article, the targeted adjustment of the relative density of laser additive manufactured
components made of AlSi10Mg is considered. The interest in demand-oriented process parameters is
steadily increasing. Thus, shorter process times and lower unit costs can be achieved with decreasing
component densities. Especially when hot isostatic pressing is considered as a post-processing step.
In order to be able to generate process parameters automatically, a model hypothesis is learned via
artificial neural networks (ANN) for a density range from 70% to almost 100%, based on a synthetic
dataset with equally distributed process parameters and a statistical test series with 256 full factorial
combined instances. This allows the achievable relative density to be predicted from given process
parameters. Based on the best model, a database approach and supervised training of concatenated
ANNs are developed to solve the inverse parameter prediction problem for a target density. In this
way, it is possible to generate a parameter prediction model for the high-dimensional result space
through constraints that are shown with synthetic test data sets. The presented concatenated ANN
model is able to reproduce the origin distribution. The relative density of synthetic data can be
predicted with an R2-value of 0.98. The mean build rate can be increased by 12% with the formulation
of a hint during the backward model training. The application of the experimental data shows
increased fuzziness related to the big data gaps and a small number of instances. For practical use,
this algorithm could be trained on increased data sets and can be expanded by properties such as
surface quality, residual stress, or mechanical strength. With knowledge of the necessary (mechanical)
properties of the components, the model can be used to generate appropriate process parameters.
This way, the processing time and the amount of scrap parts can be reduced.

Keywords: additive manufacturing; LPBF; PBF-LB/M; AlSi10Mg; machine learning; inverse problem;
adjustable relative density; demand-oriented process parameters

1. Introduction

Due to the possibility of the nearly unconstrained freedom of design and the low
amount of wasted material the additive manufacturing process spreads into many indus-
tries. Further, the production costs as well as the production time can be decreased using
additive manufacturing techniques [1]. One commonly known process is the laser powder
bed fusion process (LPBF) also known as powder bed fusion of metal with a laser beam
(PBF-LB) or selective laser melting (SLM), a powder-based laser additive manufacturing
process [2,3]. Further industrial-relevant processes are electron beam melting (EBM) and
laser metal deposition (LMD) [4]. Parts built in these types of processes consist of multiple
layers erected one after another [2]. In three steps, the whole process can be described:
Pre-process (preparation of the 3D data), manufacturing process (building the part), and
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post-process (heat treatment and surface finishing) [2]. The cost of additive manufactured
parts is mainly driven by the machining time and the material costs. Thus, the needed
machine time accounts to more than half of the total costs [5]. This depends on the build
rate (BR), further on the time per layer, and the layer thickness [5,6]. State-of-the-art pro-
cess parameters are chosen to reach the highest possible relative density and mechanical
properties [2]. The relative density highly depends on the process parameters as well as the
powders quality. During the process, pores arise due to spontaneous interruptions of the
melt tracks and not entirely molten powder particles or gassed material. Commonly, the
induced energy density (ED) is used to appraise the resulting density without considering
physical effects such as the depth of the melt track and the prior mechanisms [7]. The
ED is an indication if the material exhibits unmolten areas or even gassed ones. These
pores, especially with sharp contours resulting from low EDs, can act as a starting point for
cracks and reduce the reachable mechanical properties [8]. As shown by Bertoli et al. [7] for
316 L, the same ED values can be obtained with different process parameter combinations.
Further, each process parameter influences the resulting relative density reducing the
significance of the ED and can obtain misleading conclusions. Thus, the BR is subordinated
to the resulting relative density, which causes too high safety factors for less stressed parts
and part areas. Especially, if no high mechanical requirements exist [9]. Parts with densities
higher than 99% have comparable mechanical properties to conventional casted or milled
parts which are not always needed [2]. In the process, relative densities over 99% can
become obsolete if hot isostatic pressing (HIP) is applied afterwards. Hereby the pores
resulting from the LPBF process are closed by applying temperature and pressure. At a
critical temperature, the external pressure exceeds the yield strength of the printed material
and consequently leads to densification. Thus, parts with relative densities of 95% can be
densified to 99.8% opening a wide range for improving the BR of the LPBF process [10].
This way, Herzog et al. [10] were able to increase the scan speed by 2/3 with slightly higher
residual stresses. Through demand-oriented process parameters, the BR can be increased
for less important part areas allowing significantly lower machine times. Demand-oriented
process parameters for parts or part areas are current research topics. This way, e.g., more
complex geometries can build with homogenous properties (density, surface roughness)
due to locally different heat transfer [11]. For practical use the LPBF manufactured parts
need specific properties which can be set by the process parameters adequately [12]. One
approach for process parameter prediction is presented by Park et al. [13].

High relative densities can be reached by a variety of significantly different process
parameters [7]. Bai et al. show that the hatch distance is a key factor when the layer thick-
ness is constant. This way, a variety of laser powers and scan speeds can be chosen to reach
the same density values. Small hatch distances further improve the mechanical properties
of the parts [14]. Increasing the layer thickness from 40 µm to 50 µm the manufacturing
process is much faster with nearly identical mechanical properties [15]. Increasing the
layer thickness has no effect on the final phases of 18Ni-300 (MS1 maraging Steel), while
changing other process parameters results in austenite volume changes [15]. To reach
targeted relative densities, the parameters for the LPBF process have to be chosen. Large
experimental designs are needed to discover the resulting densities because each parameter
(continuously adjustable within the limits of the LPBF machine specification) as well as the
interactions influences the results [2]. Predicting the relative density for known parameters
is constrained by the complexity of the interactions of the parameters. Machine learning
models can be trained to solve this problem allowing more precise predictions of the re-
sulting relative density [13,16]. However, they also need a great amount of experimental
data. This could be reasonable in fact that the models can be adapted for different materials
or further mechanical properties with decreasing amounts of data needed. Additionally,
machine learning algorithms are able to learn physical connections only from data, en-
abling them to learn very complex regressions and connections without the need for a
priori assumptions [17]. Minbashian et al. [17] showed that artificial neural network (ANN)
models obtain accuracies such as the most complex multiple regression models with a
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high amount of included terms. The inverse problem must be taken into account when
generating parameters automatically [13,18]. As a result of the complex interactions, a
nearly infinite amount of possible parameter combinations for one specific density value
exists [14]. Common machine learning algorithms are not able to learn a problem with
a higher dimension of outputs than inputs [18]. One solution could be recommendation
algorithms used for choosing from an outsized number of possibilities. Most of them
return recommendations by a single domain, e.g., the relative density. Yu et al. presented
a support vector machine approach for a multi-domain recommendation algorithm [19].
By adding bound vectors, support vector machines can be improved [20]. By adapted and
concatenated machine learning methods, this mathematically underdetermined inverse
problem can be solved by taking up the forward model [13,18,21]. This concatenation is
based on the structure of generative adversarial networks (GAN), in which a discriminator
classifies data sets generated by a generator as real or synthetic. Both models are trained
together, so that after the training is completed, artificial data is generated which can no
longer be distinguished from real data. In this context, GANs belong to unsupervised
learning methods [22]. By concatenating the backward model with the trained forward
model, the model can be trained and supervised to a given target value. By modifying
the loss function, hints can be used to improve the generated parameters with respect to
the BR.

From a materials engineering perspective, the LPBF process can produce a high num-
ber of specimens in a relatively short time. The amount of data points is restricted by
the subsequent metallographic processes. These processes include grinding, polishing,
and microscopic imaging to provide metallurgical micrographs of each specimen. How-
ever, from a machine learning perspective, the amount of provided data set is relatively
small. Therefore, the used ANNs are relatively compact, which should be able to cope
with a smaller amount of data for the training process. This paper is a first serve of
applying machine learning models in material sciences and deriving a deeper process
understanding within the field of LPBF. Therefore, a statistical test series represented by
a full factorial design should create the fundamental data set for this paper. This way, it
should be examined how well ANNs perform on small statistical test series in predicting
material properties.

In the following, the work is split into four sections. First, the inverse problems with
data-driven methods are described. The Materials and Methods section includes specimen
manufacturing and analysis, process parameter selection and evaluation, data analyses,
and the model-building process used in this work. Afterwards, the results for a theoretic
and real data-driven model are presented and discussed. Finally, conclusions are drawn. It
is shown that LPBF components made of AlSi10Mg can be manufactured with a defined
relative density. For this purpose, the inverse problem is solved.

2. Inverse Problems with Data-Driven Methods

Inverse problems can be found in a wide range of science and engineering applications,
with the aim to infer an unknown quantity F that is not accessible (observable) directly. There
is only access to another observable quantity G that is related to it via a linear or a non-linear
relation H [23], such that G = H(F). Solving inverse problems with hidden, complex, or partially
unknown physics is often expensive and requires different formulations and simulations [24].
Inverse problems are mainly based on regularization theory and commonly use discretized
representations of the unknown model function [23]. Discretization introduces an error ε,
such that G = H(F) + ε. Probabilistic Bayesian-inference-based methods are used for solving
inverse problems, too, especially if the observable measurement data is noisy, uncertain, or
some are missing and with some outliers. A principle discussion of regularization, Bayesian
methods, and the benefit of machine learning can be found in [23]. In addition to Bayesian
optimization, finding an optimum of a function F without any assumptions about the form of
F, in [25], generative methods and global optimization are proposed to solve inverse problems
(such as material design), based on data-driven methods.
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Simulation-based approaches, additionally combined with experimental data, using, e.g.,
physical informed neural networks (PINN), are suitable to solve inverse problems [24,26,27],
but the required physical differential equations are currently not accessible for such a complex
material process considered in this work, or at least they would oversimplify the problem in a
way making this approach unsuitable for process parameter predictions.

Typical data-driven modeling maps a set of observables x as input variables on feature
variables y as the output. The model function f (x): x → y derived from measured (or
simulated) data contains hidden system parameters of interest, e.g., process parameters,
which can be contained in x for generalization. The system parameters of interest cannot
be measured directly [21], and moreover, the output features are inductive knowledge
retrieved by inference, but in methodological science, deductive knowledge is required.
For process optimization, e.g., the system parameters given for a specific feature y are of
interest, defining an inverse problem f−1(y): y → x. The system and input parameters
x are typically metric variables, whereas the output feature variables can be metric or
categorical variables.

A model function f (x): x → y is bijective if it is invertible and there is a (unique)
bidirectional mapping of x⇔ y, i.e., for each x there is a y, and for each y there is an x, e.g.,
f (x) = x + 1. Linear functions are commonly invertible. In the case of multivariate functions,
a set of equations is necessary to solve the inversion analytically. A solver that inverts a
function f should assess the diversity of possible inverse solutions (if not unique) for a
given measurement and should be able to estimate the complete posterior distribution of
the system parameter [21].

Complete inversion with unique solutions is a challenge, and even a simple perceptron
(artificial neuron) cannot be inverted without additional constraints or auxiliary variables:
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Here wi are internal model parameters (not to be confused with system parameters)
and g is the transfer function, e.g., a linear, rectified linear, or the saturating sigmoid-
logistics function. Inversion of functions can introduce poles and high non-linearities. The
transfer function can be commonly fully or partially invertible, but the inversion of the
sum results in a set of equations with an infinite set of solutions. The main reason for
this non-solvable inversion problem is the information and dimensionality reduction in
a perceptron (Rn → R). The strong information reduction is typical for ANN creating an
ill-posed problem space. This under-determined problem can be solved by using multiple
combined and overlapped perceptrons, but requires still that the dimensions of x and y are
equal, i.e., |x| = |y|.

With respect to data-driven and experimental methods, the forward path x → y
is easily accessible, but the backward path y → x is initially hidden. Using invertible
functional graph networks, these networks can be trained by the data-driven approach.
Invertible neural networks (INN) satisfy three major features: The mapping between input
and output is bijective, both forward and backward computations are efficient, and direct
computation of the posterior probabilities is possible [13]. To address the information
loss in many data-driven problems, a latent and auxiliary output variable z is introduced
normalizing the input and output dimensions, i.e., |x| = |y| + |z| and x↔ [y,z] become
a bijective mapping. The well-posed forward path can be trained and supervised, instead
of the ill-posed inverse problem, see Figure 1b. It is required that the latent variable z is
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independent of y, and should follow an easy distribution, e.g., N(0,1). The inverse model is
basically a conditional and tractable probability p(x|y), but the derivation from the forward
model is not tractable (being just an approximation by the latent probability distribution
p(z) and z ∈ Rk and multi-variate normal distribution N). The latent variable distribution
is derived in a training process by, e.g., the maximum mean discrepancy (MMD), which
is a kernel-based method for comparison of two probability distributions that are only
accessible through samples [21]. To train such an x/y/z network, the supervised data loss
Ly and the unsupervised latent space loss Lz must be considered in the optimization process.
If both losses reach zero, g = f−1 returns the true posterior p(x,y) for any y. For improved
convergence, an additional loss Lx on the input side can be used and implemented again
by MMD [21]. So, INNs are basically auto-encoders whose codes have the same size as the
original data.

Figure 1. (a) Decreasing correlation of physics with increasing volume of data; (b) solving the
ambiguous inversion problem by adding latent variable z; (c) basic concept of physics-informed
ANN training; (d1,2) forward and backward model chain with closed-loop training; (e) affine coupling
layer embedding four ANN s and t.

An invertible network is typically composed of two independent but coupled ANN,
one for the forward and one for the backward path. A simple chain of the forward and
backward model is similar to the auto-encoder, whereas in [28] an affine coupling layer
is used to embed multiple ANN models for the forward and backward paths by using
latent variable pairs [u1, v1] and [u2, v2]. Every single ANN must not be invertible. Both
architectures are compared in Figure 1d,e. The training process, such as in the proposed
method in this work, is a closed-loop iterative process incorporating the forward and
backward model with its specific loss functions as described above.

However, even if we have a suitable invertible architecture, e.g., an invertible neural
network, training of deep neural networks requires a big amount of data in terms of diver-
sity, variance, noise, and completeness of the input and output space, not always available
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for scientific problems such as the one addressed in this work [24]. Additionally, an increase
in the data volume can result in a decrease in physical correlation, see Figure 1a. So, even
solving the forward path can be challenging, and forward models derived from incomplete
and sparse data sets lack the required generalization and are especially important for the
inversion. Additional constraints derived from physical laws can support the training and
optimization process by limiting the hyper-parameter space of the optimization problem
(minimizing the overall |yo−y| error). Physics-informed learning integrates (noisy) data
and mathematical models and implements them through neural networks or other kernel-
based regression networks [24]. Both, the information loss of ANN and the contradiction
of data amount and correlation with physics characterize the problem to be solved in this
work, shown in Figure 1.

A lot of physical models are related to partial differential equations (PDE). The basic
concept, as an extension of the INN, is the combination of an ANN outputting intermediate
(code) features that are passed to a PDE, which is part of the training loss path, see
Figure 1c. Although the data set used in this work poses strong sparseness, parameter
gaps, bias, and noise, physics-informed methods are not applied here due to the (unknown)
complex and probabilistic material models arising in additive manufacturing processes.
Even simulation of the additive manufacturing process is a challenge with respect to
computational complexity and matching real-world physics.

3. Materials and Methods
3.1. LPBF and Metallography

The base of the examination is a statistical experiment design with a full factorial
combination of four steps per parameter printed on an SLM 125 HL (SLM Solutions Group,
Lübeck, Germany) in common aluminum alloy AlSi10Mg, see Table 1. The maximum
laser power used for this work is set at 350 W. Parameter programming and print file
preparation were performed in Materialise Magics (Materialise GmbH, Bremen, Germany).
The influence of the laser power PL, the hatch distance hS, the scan speed vS, and the
layer thickness DS are investigated. The layer thicknesses are chosen so that two-layer
thicknesses can be printed in one job by using the skip layer function, which reduces the
amount of build jobs.

Table 1. Factors and steps for the statistical experiment design without heated build plate.

Factor Step I Step II Step III Step IV

DS in µm 40 50 80 100
PL in W 100 180 260 340

vS in mm/s 500 1150 1800 2450
hS in mm 0.05 0.08 0.11 0.14

The rest of the process parameters were chosen in even steps constrained by minimum
and maximum values representing extreme parameter selections. In this way, it should be
possible to achieve both very low and very high relative densities. The EDs studied range
from 2.92 J/mm3 to 340 J/mm3. All relative densities are measured by image analysis of
metallurgical micrographs. To speed up the analytical process, three process parameter sets
are combined in one specimen. It can be guessed that the three segments in each specimen
are mutually influenced through heat conduction. However, it can be observed in Figure 2,
that there is no significant influence of the heat conduction when using multiple parameters
in one geometry. The selected region of interest (ROI) in the core of each segment for relative
density measurement should be a representative value without the influence of thermal
conduction or contour parameters. Additionally, the process parameters in each specimen
are randomized to avoid spatial dependencies due to heat conduction.

This way, 128 process parameter combinations can be printed in 43 specimens. By
using the skip layer function (layer thicknesses of 40 µm and 80 µm, as well as 50 µm and
100 µm, are printed in one run), only two print jobs with 43 specimens each are needed
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to produce 256 combinations. After printing, the specimens are embedded in a polymer,
ground, and polished parallel to the build direction before micrographs are taken. Thus,
lower relative densities can only be measured with an increasing error caused by the
removal of unsolidified powder particles during grinding.

Figure 2. Metallurgical micrograph of three different parameter sets and densities combined in one
specimen geometry with a layer thickness of 80 µm and marked region of interest (ROI), as well as
the build direction (BD) and the used process parameters.

3.2. Data Analysis and Preparation

The most common use for machine learning algorithms is the identification of patterns
in large data sets or regression functions where, e.g., no physical laws are known [29].
Conversely this means that a sufficiently large number of data points is needed for the
training process. For this reason, it is necessary to extend the aforementioned data set
with results from other projects, resulting in more than 400 instances. Differences in the
AlSi10Mg powder used as well as the particle distribution are not considered in this work.
Afterwards, statistical methods are applied to identify the data sets’ quality which is
linked to the achievable model quality [30]. Based on these results, the data set will be
prepared for the model training process. Removing missing data and invalid as well as
valid outliers should improve the quality of the trained models [16,31]. Missing data points
can result from process parameters that do not allow the fabrication of dense specimens
that can be analyzed by micrographs. Further invalid outliers are, e.g., process parameter
values that cannot be set in the used machine or very low relative densities that cannot be
reliably measured with the methods used. Valid outliers will be identified by a quartile
analysis [32]. Knowing valid outliers, the range of interesting relative densities can be set.
It can be assumed that relative densities below 70% are not technologically useful.

As common, the net data set will be scaled linearly into the same value interval for all
attributes and targets afterwards [33]. The small net number of instances (350) is increased
by normal distributed fuzziness for the process parameters. A simple function for the
standard deviation with respect to the relative density is established by a quick check of
the process stability. This allows the data set to be expanded to 700 instances.

3.3. Modeling

For the modeling process, ANNs are prepared using the python framework Py-
Torch [34]. Due to the dynamic graphs in PyTorch, loss values can be manipulated before
they are backpropagated through the model. To check if the forward and especially the
backward modeling problem can be solved by concatenated ANNs and manipulating the
loss value, artificial data will be used. Afterwards the models can be trained on the real
data described before.

As mentioned, the forward modeling problem and the inverse modeling problem, see
Figure 3, are addressed in this article. To solve the forward prediction problem, resulting
in relative density for known process parameters, common supervised ANNs [35] will
be trained on the prepared database. As usual, the input dimension is higher than the
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output dimension. Predicting the relative density resulting from a given set of LPBF process
parameters is fundamental for the inverse modeling process. Thus, the influence of each
process parameter needs to be modeled to be able to solve the inverse problem. This is
condensed in the following hypothesis.

Figure 3. Data flow diagram for the training of the forward (relative density prediction) and the
backward model (LPBF process parameter prediction) used in this work.

Hypothesis 1. By the use of machine learning algorithms, the resulting relative density of given
process parameters can be predicted even no direct correlation exists.

Solving the inverse problem, process parameter prediction for a target density should
firstly be achieved by creating a database with the best trained forward model as shown in
Figure 4 and introduced by Park et al. [13]. Each factor is subdivided into steps regarding
the value interval defined in Table 1. With a full factorial combination, a parameter space
with up to 100 k combinations will be created. Through the trained forward model, the
densities of each combination can be predicted. Detecting the best parameter sets occurs by
searching algorithms and the build rate as a constraint.

Figure 4. Visualization of the data base approach for solving the inverse modeling problem of
predicting LPBF process parameters by the use of a trained forward model according to Park et al. [13].

Hypothesis 2.1. With the trained forward model, a database can be created that contains a finite
amount of possible solutions for the backward modeling problem. Using a search algorithm and
constrained by the build rate, process parameters for specific density values, and layer thicknesses
can be identified.

Secondly, the inverse modeling problem can be solved by concatenating the forward
model with an inverse ANN architecture, see Figure 5. This principle is oriented to the
functionality of GANs. The inverse ANN generates a set of process parameters. Subse-
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quently, the trained forward model predicts the resulting density. This manipulation allows
a comparison of the target density and the resulting one. In this step, the forward model
acts as a simple calculation in which operations are written to the dynamic graph of the
variable. By following the dynamic graph backwards, the gradients are set and the loss
value can be unfolded. This allows the regular not trainable inverse problem to be trained.

Figure 5. Visualization of the concatenated ANN models for the forward modeling problem (rel.
density prediction) and the inverse modeling problem (LPBF process parameter prediction) with in-
and outputs used for training and inference.

Hypothesis 2.2. By the use of the dynamic graphs in PyTorch, an inverse architecture can be
concatenated with a trained forward model. This way, it is possible to train an ANN with a lower
dimension of the inputs than the outputs. Furthermore, the process parameters can be optimized
regarding the achieved build rate by adding a hint to the loss function.

4. Results and Discussion
4.1. Examination of the LPBF Process

The experimental test series shows the process limits at low as well as high EDs.
Overall, 242 out of 256 parameter combinations are possible to build. Those that cannot
be built have ED values < 15 J/mm3 and track energies < 1 J/mm. Overall densities in
the range of 20% to nearly 100% were produced. Three classes of pore formations can be
spotted. In Figure 6 are metallurgic micrographs mapped by the laser power and scan
speed for two-layer thicknesses and three hatch distances. First, prior unshaped pores
can be detected accompanied by low relative densities, colored blue in Figure 6. Second,
there are big prior round pores accompanied by medium to high relative densities, colored
grey in Figure 6. Third, there are micrographs with small round and occasional unshaped
pores reaching the highest mean density, colored orange in Figure 6. By decreasing the
volume energy (lower laser power and higher scan speeds), big unshaped pores of the blue
class occur. At very high-volume energies (low scan speed with high laser power), big
round pores of the grey class result. Decreasing the hatch distance increases the number of
orange classified as high-density results at the expense of the blue class, see Figure 6. By
increasing the layer thickness from 40 µm to 100 µm, more process parameters with lower
laser power cannot be built up. Moreover, the amount of orange classified micrographs
decreases significantly, see Figure 6.

The three classes of micrographs depend on the shape of the pores correlating to
the pore-building mechanisms. The prior unshaped pores (blue) are caused by the lack
of a fusion mechanism. The introduced energy is too low for melting the layers entirely,
resulting in poor connections between the layers [36]. Large and prior round pores (grey)
result from the keyhole effect. Thus, the energy introduced is high enough to gas/gasify
the material and a long melt pool lifetime allows small pores to merge into large round
pores [37]. Between both the conduction mode (orange) as the sweet spot for the highest
possible relative densities is located. According to Wang et al., the short lifetime of the melt
tracks allows only large gas pores to evacuate [37]. Small and round pores are characteristic
of this mechanism [37]. If the energy is locally too low, occasional unshaped pores results.
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The process window for reaching high relative densities gets smaller with an increase in the
hatch distance as well as the layer thickness. Further, occasional unshaped pores become
more likely at higher layer thickness. This can indicate an increased sensitivity for process
parameter fluctuations at higher layer thicknesses.

Figure 6. Mapping of metallurgical micrographs for different process parameters colored depending
on the pore building mechanism (blue: lack of fusion, orange: conduction, grey: keyhole): micro-
graphs by the laser power and scan speed for a hatch distance and laser power of (a) 80 µm and
40 µm; (b) 110 µm and 40 µm; (c) 140 µm and 40 µm; (d) 80 µm and 100 µm; (e) 110 µm and 100 µm;
(f) 140 µm and 100 µm.

Correlations between the process parameters with each other and with the relative
density are not detectable. A wide spectrum of relative densities can be reached with
all four-factor steps. Further, all factor steps of the full factorial experiment design are
clearly visible in the correlation plots as columns of data points parallel to the y-axis, see
Figure 7a,b. Between the relative density and the ED, a correlation such as an exponential
saturation can be detected, see Figure 7c. It should be noted that the majority of the process
parameter combinations result in relative densities above 90%. This can be explained by
the high thermal conductivity of the aluminum alloy (AlSi10Mg) used and the low melting
temperature range. Thus, a high relative density can already be achieved with relatively
low introduced ED values. In order to introduce higher porosities, the energy must be
greatly reduced, which further increases process instability. This process instability results
not only in a higher porosity but also in a higher standard deviation. The fact that a large
number of relative densities can be achieved with a single ED may indicate a significant
influence of the selected process parameters and their interactions, see Figure 7d. At this
point, the ED can be confirmed as a key parameter for a rough estimation of the achievable
relative density for a process parameter set [6]. However, further interactions have to be
considered and investigated in detail.
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Figure 7. Correlation plots for the relative density depending on selected process parameters resulting
from the process parameter examination (a) by the laser power; (b) by the scan speed; (c) by the
volume energy (ED); (d) by the volume energy (ED) in detail.

4.2. Data Analysis

The database contains 388 instances after adding data from previous experiments
(null values excluded), the four process parameters as well as the ED and the resulting
relative densities. The distribution of each variable becomes apparent in the histograms,
see Figure 8.

Mainly, the right-side hanging distribution of the layer thickness, the laser power, and
the ED get into focus, see Figure 8a–e. The relative density exhibits a left-side hanging
distribution, see Figure 8e. These formations indicate that the variables with low densities
are underrepresented in the database. This can affect the machine learning training nega-
tively, because missing points cannot flow into the regression model. Complementary, the
density plot of the relative density is a sign of a wide range of possible process parameter
combinations reaching relative densities above 95%. This can become critical for solving
the hypothesis of predicting process parameters for target densities primarily in the case of
reaching lower density values. Further, the full factorial experiment design conditionals
only four parameter steps for each variable. Even with additional data, the cardinality of
the four process parameters is in the area of categorical variables, restricting the reachable
model quality further. So, the cardinalities are between six (layer thickness) and 44 (scan
speed). The volume energy as well as the relative density own cardinalities of 343 and
279. Constrained by the possible parameter space of the used SLM 125 HL invalid outliers
with laser powers > 350 W are removed. Further, density values < 70% and hatch distances
> 0.25 mm are detected as valid outliers and are removed too. Thus, a database with
350 instances results.

4.3. Forward Modeling Problem-Density Prediction

First, a simple regression model for calculating the resulting relative density by the ED
according to Figure 7c is created, see Figure 9a. Using this model, a set of artificial equally
distributed process parameters and relative densities is built. For the model training,
280 instances and for the test 120 instances are used. By this, an ANN with 4 inputs and
1 output neuron with two hidden layers including 8 and 4 neurons is trained. The neurons
of all layers are activated by a sigmoid function. By use of the Adam algorithm [38] and the
mean squared error loss [39], a test prediction error of 0.17% (0.12% for training data) and
an R2-value of 0.98 (for training and test data) can be obtained, see Figure 9b. If using the
ReLU activation function for the hidden layers, a much higher error occurs, see Figure 9c.
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Figure 8. Histograms of all process parameters and the relative densities of the gross data base with
388 Instances (a) layer thickness; (b) laser power; (c) scan speed; (d) hatch distance; (e) volume energy
density; (f) relative density.

Figure 9. (a) artificial relative density over the volume energy density (ED) resulting from the
regression model; predicted density over target density of the trained forward model with use of the
artificial data (b) with sigmoid; (c) and ReLU activation.

Proof of Hypothesis 1. At this point, hypothesis 1 can be confirmed regarding the artificial
data. By the use of machine learning algorithms, especially ANNs, the relative density can
be predicted by LPBF process parameters. �

4.4. Backward Modeling Problem-Process Parameter Prediction

The first approach mentioned in hypothesis 2.1 is a database. The trained forward
model is used to predict relative density values for an incremental varied process parameter
space. Each parameter is increased in 9 and 18 steps from the minimal to the maximal value.
Once the database is calculated, process parameters can be selected by the relative density,
the layer thickness, and the BR. The predicted process parameters reach the targeted relative
densities, see Figure 10c, because all combinations of the database are synthesized by the
use of the trained forward model. The prediction error of the forward model influences the
quality of both backward models. The database is also able to rebuild the ED distribution
regarding the test data, see Figure 10d. In comparison to the ANN model, the EDs are
slightly higher, compare Figure 10d,b. The mean BRs are 3% to 30% lower than the ones
of the ANN model. Increasing the number of parameter steps also increases the mean BR
since more possible solutions can be considered.
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Figure 10. (a) resulting densities from predicted process parameters predicted by the trained forward
model; (b) original and predicted volume energy (ED) and the build rate (BR) distribution over the
target density; (c) resulting densities over target densities; (d) original and predicted ED and BR
distributions over the target density.

Secondly, for the prediction of process parameters according to hypothesis 2.2, a
relative density, as well as a desired layer thickness, are used as inputs. The laser power,
scan speed, and hatch distance will be predicted. For this, a model architecture of 2 input
neurons, 2 hidden layers with 4 and 8 neurons, and 3 output neurons is chosen. With the
use of artificial data, the concatenated model can learn the inverse problem in less than
10 k training cycles. As shown in Figure 10a, the process parameters predicted by the
inverse model reach the targeted densities with a prediction error of 0.09%. Additionally,
the model is able to depict the relatively simple ED distribution of the artificial test data
set, see Figure 10b. The prediction error depends also on the quality of the chosen forward
model. In contrast to approaches such as INNs [21] or non-dominated sorting genetic
algorithm (NSGA-II) and modified variational autoenconder (MVAE) [18], the concatenated
ANN model does not unfold the complete possible result space. For every pair of target
density and target layer thickness, only one process parameter prediction exists. The
mentioned models, also the shown database approach [13], unfold the whole result space,
so constraints are needed to reduce the number of possible solutions. These constraints can
be included in the concatenated ANN training reducing the computing time for process
parameter prediction.

For a constant layer thickness of 0.05 mm, a mean BR for relative densities between
70% and 99% of 18.91 mm3/s is reached. By adding a hint to the error function of the
model, training the build rate can be increased by 12.5% up to 20.45 mm3/s. Two types of
hints are formulated, a linear (MLin) and a squared (MSQ):

MSQ =
BR2 − 2·BR + 1

nbatch
(2)

MLin =
BR− 2·BR + 1

nbatch
(3)

where BR is the build rate calculated from the predicted process parameters and nbatch is the
batch size. These terms are weighted by a beta value (<1) and added to the mean squared
error of the relative density as presented by Alpaydin [29]. Both types result in an increased
mean BR and a slight increase in the prediction error from ~0.11% to ~0.16%. Higher beta
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values do not increase the build rate further but reach faster an unwanted saturation of the
model. The same effect can be observed by using the MLin hint.

The differences between both approaches become visible by looking at the predicted
process parameters in detail. In the following, process parameters are generated for relative
densities from 70% to 99% at a constant layer thickness of 0.05 mm using both models. For
both models, the process parameters show an increasing ED at higher relative densities.
For the database approach, the noise is higher compared to the ANN, see Figure 11a.

Figure 11. Results of the process parameter prediction for a constant layer thickness of 0.05 mm
for both inverse models trained with artificial data, target relative density over (a) volume energy;
(b) laser power; (c) hatch distance.

For the process parameters, the database approach shows strong jumps of the process
parameters over the relative density, as exemplified by the laser power and the track
distance, see Figure 11b,c. The effect can be attributed to single case mapping of the
database. These results show that this approach is able to reproduce the origin distribution
(ED and relative density), but does not contain information on the concept of process
parameter optimization for the present process. As visible in Figure 10c, the process
parameters resulting from the database approach reach the correct relative densities as
recently shown by Park et al. [13]. Since the resulting densities are predicted by the forward
model, there could be a nexus of both models’ errors, shown by the jumps of the resulting
process parameters. The ANN model as a mean value learner shows here more continuous
results. It selects a higher laser power over the entire range of relative density values and a
decreasing hatch distance with increasing relative density. Increasing the number of steps
in the database approach from 9 to 18 results in a higher average BR which corresponds
to that of the ANN model. In addition, the size of the jumps in the individual process
parameters is reduced and the model approaches the inverse ANN.

Even with 18 levels and thus more than 100 k combinations (Park et al. [13] used 73 k
combinations), the database approach still shows considerable jumps in the results. The
reduction in the jumps can be explained by the fact that more possible process parameter
combinations are available, resulting in a mean value approximation. Since not every
density is exactly represented in the database, a selection must be made according to the
target density with soft limits. This limit must be selected the softer, the fewer data are
contained in the database. In addition, the calculation time increases with an increasing
number of database instances.

Proof of Hypothesis 2. The inverse problem of process parameter prediction can be solved
using both a database and a concatenated inverse ANN model. Both models show that they
can learn and rebuild the initial distribution related to the ED in a problem-specific manner.
In addition, the models can be used to maximize the BR over the entire range of relative
densities studied compared to the baseline distribution. For an in-process application, the
concatenated ANN shows a higher potential due to the smoothed trajectories as well as an
increased tractability of the learned strategy. Thus, the ANN model presents a maximization
of the laser power and adjusts the required energy densities via the hatch distance and
the scan speed. On the other hand, no generally valid strategy can be determined for the
database approach. �
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4.5. Real Data Application

After proving the solvability of the inverse problem using synthetic data, the methods
are adapted to the real data collected in the process. The data set presented in Section 4.2. is
extended to 700 instances considering the process noise with artificial normally distributed
noise. Subsequently, it is split into 490 training and 210 test instances. A maximum noise of
5% is assumed for the process parameters. Density noise is assumed to increase linearly
towards lower relative densities. The increase in the standard deviation is calculated
according to:

σρ = −0.16·ρ + 16.16, (4)

where ρ represents the original relative density value and σρ represents the assumed
standard deviation for the density value. Using the calculated standard deviations, a
random normally distributed noise is applied to the original data. Model training shows
that considerably more training cycles are required and that an architecture with 8 and
4 neurons in the inner layers leads to highly noisy results. With increasing model complexity,
more neurons in the inner layers, the results for the models improve. This is especially
evident for the training data. For the test data, there is also a decreasing scatter, which,
however, exceeds that of the training data considerably, see Figure 12. Because of the noise
of the real data, the mean absolute error loss is used for model training. This loss function
is more insensitive against noisy data [39].

Due to the split into training and test data and the factor step-based experimental
design, there may be increased gaps that cannot be covered in the training process. Thus,
the high dispersion of the predicted densities for the test data may result from the low
variance of the data set. A test series with higher variance should lead to improved results,
which should be comparable to those of the purely synthetic data. Further improvements
could be achievable with the implementation of process and material models (PDE). This
way, the model can benefit from data and knowledge combined in a PINN [24,40] also
shown for melt pool fluid dynamic prediction [41].

For the inverse model, the forward model from Figure 12c is used. With real data and
more neurons, the training times are considerably higher. The result with 40 and 60 neurons
on the two inner layers is shown in Figure 13. This setup is chosen because it represents
the inverse setup of the forward model. If a smaller number of neurons is chosen for the
backward model, the results deteriorate, sometimes significantly. As shown in Figure 13a,
the process parameters predicted by the backward model, according to the forward model,
reach the specified relative densities. The error influence of the forward model has to be
taken into account. The resulting ED of the predicted process parameters is oriented to the
minimum of the range given by the experimental data, see Figure 13b.

Figure 12. Results of ANN models with the extended experimental data with (a) 8 and 4; (b) 24 and
12; (c) 60 and 40 neurons in the two inner layers.
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Figure 13. Results of the chained ANN approach with real data, target densities over (a) relative
densities predicted by the forward model from the process parameters predicted by the backward
model; (b) ED from the predicted and experimental process parameters; (c) build rates of the predicted
and experimental process parameters.

If the relative densities from the test data set are applied to the model, as well as
the associated layer thickness, the predicted process parameters according to the forward
model meet the specifications with a very high accuracy. If the entire considered density
range between 70% and 99.5% at a constant layer thickness of 50 µm is used for the
prediction of process parameters, a strong model deviation for relative densities below
75% is shown, see Figure 14a. The laser power is chosen almost constantly by the model,
slightly decreasing towards higher densities. The hatch distance is lowered considerably at
higher relative densities and thus increasing ED is implemented, see Figure 14b,c.

The accuracy of the backward model depends on the accuracy of the forward model.
The backward model can never be better than the forward model for the prediction of
the relative density. Thus, with the existing experimental data, the model cannot be
meaningfully improved and generalized. More data points are needed at this point. The
presented approach can be implemented in practice if the parameter space is constrained.
It is assumed, but still not proven, that a process parameter set prediction model is machine
and material specific. Therefore, a parameter predictor must be derived from previous
experimental data collected and processed as described in this paper. It is worth noticing
that the presented model is developed on only small specimens. For future works, the
influence of part geometry and volume needs to be taken into account. The residual stresses
could further be an additional constraint for the inverse model. Next to increasing the
build rate, this can improve the process stability decreasing the amount of scrap parts.

Figure 14. Results of the concatenated ANN approach with the experimental data for given relative
densities in 0.5% steps between 70% and 99.5% at a constant layer thickness of 50 µm; (a) relative
densities predicted by the forward model over the given; (b) laser power and hatch distance over the
given relative density at a constant scan speed of 3000 mm/s; (c) energy density and build rate of the
predicted process parameters over the given target density.
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4.6. Summary of the Results

1. Boundaries of the process window reached with the statistical test series and different
kinds of pores and mechanisms could be mapped.

2. Problems with statistical test series for machine learning are detected and evaluated
for the article’s target of linking the relative density and the LPBF process parameters.

3. Theoretical solvability of the inverse problem evaluated by synthetic data for both
model approaches (concatenated ANN and database).

4. Database approach shows strong jumps for chosen process parameters, while the
concatenated ANNs choosing process parameters smooth and strategic

5. By adding hints, the concatenated ANN model is guided by learning to increase the
build rates of predicted process parameters.

6. Concatenated ANNs could learn real data problems, but pure quality and fuzziness
of the real data worsen the results of the models.

5. Conclusions

It can be stated that both investigated model approaches can be used for solving
the inverse problem considered; the prediction of process parameters for given relative
densities in the LPBF process. The novelty of this work is the concatenated ANN archi-
tecture, which is also trained with real data and provides a technological benefit through
process optimization. Despite learning the forward model of a synthetic correlation and
although the predicted process parameters follow the ED density correlation model, from
an expert point of view, the database approach shows arbitrary jumps in process parameter
selection. The ability to reach the target density can be doubted. For the synthetic data, the
concatenated ANN model is able to predict the relative density with an R2 value of 0.98.
The backward model is trimmed to higher build rates by the formulation of a hint during
the training process. By this, a 12% increase in the mean BR is possible.

The models with real data, which have significantly lower variance, show significantly
worse results. Despite artificial noise, the gaps between the data points are too large for a
generalized and robust model. Thus, it can be stated that a statistical experimental design is
suitable for a process investigation but has too low a data quality for the training of machine
learning models. Interpolation between factor levels would be possible, but this results in
an almost entirely synthetic dataset similar to the purely synthetic dataset used for model
building. Additionally, the results of the models trained with real data are worsened by
the noise of the data. While the ED can generally be used to estimate the relative density, a
single ED can result in multiple relative density values and higher EDs do not necessarily
affect relative densities. Thus, the ED cannot serve as the single indicator for the resulting
relative density. Instead, the process–property relationship needs to be understood.

The lack of process parameter predictor models derived from analytical models or
simulations enforces a data-driven method. Even physical model-driven trained predictor
functions (such as PINNs) rely on specific material and process models, which are not
available or accurate enough for an additive metal powder process. Solving the inverse
problem of a data-driven model is difficult due to the lack of explainability and tractability
of any data-driven model approximation. Most forward models cannot be inverted with
any mathematical method. Combining a forward and backward model in a hybrid model
that is trained in conjunction can overcome this limitation.

The concatenation of forward and inverse models implies a dependence on the gener-
alization and prediction accuracy of the models. This study shows the theoretical solvability
of the inverse problem via concatenated ANNs, but real-world data with higher variance
are required to verify the solution. Compared to GANs, the training of the chained models
is supervised and related to one feature (here the relative density). By means of a hint, the
BR can be increased additionally. Further, there is no need to unfold the whole result space
to select a single set of process parameters. Thus, in application, LPBF machine costs for
components may be reduced by using a suitable relative density. However, when defining
a relative density for specific LPBF components, it is necessary to understand and exploit
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the interactions between the results of the LPBF process and subsequent process steps, such
as heat treatments or hot isostatic pressing, to achieve the desired advantages.
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Abbreviations

ANN Artificial neural network MSQ Mean squared loss hint
BR Build rate MVAE Modified variational autoencoder
DS Layer thickness nbatch Batch size
EBM Electron beam melting NSGA-II Non-dominated sorting genetic algorithm
ED Energy density PDE Partial differential equation
g Transfer function PINN Physics-informed neural network
GAN Generative adversarial network PL Laser power
HIP Hot isostatic pressing ρrel Relative density
hS Hatch distance ReLU Rectified linear unit
INN Invertible neural network ROI Region of interest
LMD Laser metal deposition σρ Standard deviation related to the

relative density
LPBF Laser powder bed fusion, also vS Scan speed

also powder base fusion with laser
beam (PBF-LB) and selective laser
melting (SLM)

MLin Mean linear loss hint ωi Internal model parameters
MMD Maximum mean discrepancy x, y Input/feature variable
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