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Editorial

Design and Development of Metal Matrix Composites

Sónia Simões 1,2

1 Department of Mechanical Engineering, Faculty of Engineering, University of Porto, Rua Doutor Roberto
Frias, 4200-465 Porto, Portugal; ssimoes@fe.up.pt; Tel.: +351-220413113

2 LAETA/INEGI-Institute of Science and Innovation in Mechanical and Industrial Engineering, Rua Doutor
Roberto Frias, 4200-465 Porto, Portugal

1. Introduction

Metal Matrix Composites (MMCs) constitute a class of advanced materials distin-
guished by their exceptional mechanical, thermal, and tribological properties, offering
significant advantages over conventional metals and alloys. These materials consist of a
metal or alloy matrix reinforced with ceramic particles, fibers, or whiskers, leading to a
unique combination of high strength, stiffness, wear resistance, and, in some cases, en-
hanced thermal or electrical conductivity. As a result, MMCs are increasingly employed
in high-performance structural and functional applications in the aerospace, automotive,
defense, and electronics industries [1–4].

The development and optimization of MMCs constitute a highly interdisciplinary
endeavor, bridging core principles of metallurgy, materials science, and mechanical engi-
neering with emerging trends in advanced manufacturing technologies, including additive
manufacturing (3D printing), powder metallurgy, spark plasma sintering, and friction-
based processing methods, which have opened new avenues for tailoring microstructures
and achieving superior composite performance [1,3,4].

This Special Issue was conceived as a comprehensive platform consolidating cutting-
edge research and technological developments that address both the scientific foundations
and practical challenges associated with MMCs. The contributions cover a broad spectrum
of topics, such as innovative manufacturing techniques, interfacial engineering, microstruc-
tural design, mechanical behavior modeling, and the development of hybrid or functionally
graded composites.

The aim of this Special Issue is to highlight recent advances that deepen our under-
standing of MMCs’ behavior under various service conditions and foster their integra-
tion into industrial applications. A further aim is to present experimental investigations,
computational approaches, and case studies that demonstrate MMCs’ potential in solving
complex engineering problems. The selected contributions reflect the growing maturity and
strategic importance of MMCs as key enablers in the design of next-generation materials
and systems.

2. An Overview of the Published Articles

This Special Issue comprises ten original contributions that collectively illustrate
the breadth of current research on Metal Matrix Composites (MMCs), spanning ad-
vanced processing techniques, multiscale modeling, and performance evaluation under
extreme conditions.

Johanes et al. (contribution 1) present an experimental investigation of Mg/SiO2

nanocomposites subjected to various cryogenic temperatures, revealing how cryo-treatment
alters grain structure, dislocation density, and phase distribution, ultimately impacting

Metals 2025, 15, 848 https://doi.org/10.3390/met15080848
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thermal conductivity and compressive strength. Interestingly, they show that ultra-low
temperatures do not always lead to superior performance, challenging conventional as-
sumptions and offering new pathways for optimizing thermal designs.

Monteiro and Simões (contribution 2) examined the fabrication and behavior of hybrid
nanocomposites based on Al6061 alloy reinforced with ceramic nanoparticles. Their work
details the dispersion methods, sintering parameters, and resulting improvements in hard-
ness, tensile strength, and corrosion resistance, demonstrating how hybridization strategies
can be used to fine-tune material properties, especially for lightweight applications where
the strength-to-weight ratio is critical.

Kunčická et al.’s work (contribution 3) focuses on high-shear deformation applied
to powder-based copper composites. Using high-resolution microscopy and mechanical
testing, they show that such processing leads to significant grain refinement, texture devel-
opment, and enhanced mechanical strength. Electrical conductivity is also preserved at high
levels, indicating the technique’s suitability for high-performance electronic components.

Walunj et al. (contribution 4) investigated titanium substrates coated with different ce-
ramic materials—including TiN, TiC, TiCN, TaN, and NbN—using spark plasma sintering.
The coatings were evaluated in terms of microhardness, frictional behavior, and resistance
to wear. The authors concluded that specific ceramic phases significantly improve surface
durability and biocompatibility, providing strong support for applications in biomedical
implants and aerospace components.

Wang and Zhang (contribution 5) present the synthesis of MoSi2–SiC composites
through an innovative two-step spark plasma sintering (SPS) process. They emphasize
how a controlled reaction between Mo and Si powders, in the presence of in situ-formed
carbon, enables a uniform dispersion of SiC particles. The resulting composites exhibit high-
temperature stability, low thermal expansion, and increased fracture toughness, making
them ideal for use in turbines and thermal protection systems.

Wan et al. (contribution 6) delved into La2O3-reinforced A356 aluminum alloy com-
posites. Through systematic variation of the reinforcement content, they assessed tensile
strength, elongation, and electrochemical corrosion resistance. Advanced characterization
techniques, such as SEM and XRD, revealed the role of La2O3 in refining grain boundaries
and forming protective oxide films, making these composites promising for marine and
automotive environments.

Liu et al. (contribution 7) explored eutectic high-entropy alloys (EHEAs) based on
AlCrFeNi with silicon doping. Their work demonstrates that Si incorporation promotes
the formation of dual-phase microstructures—consisting of a BCC matrix and intermetallic
phases—leading to a balanced combination of high yield strength and ductility. The re-
search bridges the gap between traditional MMCs and emerging HEA design philosophies.

Akarou et al. (contribution 8) utilized atomistic simulations to model Cu-Mo nanocom-
posites and examine interfacial behavior at the atomic scale. By testing multiple interatomic
potentials, they identified the most accurate models for representing Cu-Mo bonding.
Their results highlight how interface characteristics—such as misfit dislocation arrays and
shear response—affect mechanical performance, offering insights crucial for the design of
multilayered nanostructures.

Kunčická and Kocich (contribution 9) contribute a second study focused on Cu-La2O3

composites processed via Equal Channel Angular Pressing (ECAP). They combined ex-
perimental deformation analysis with finite element modeling to predict strain distri-
bution and grain refinement. The addition of La2O3 improved strength and thermal
stability, supporting the use of ECAP as a viable route for producing ultrafine-grained
functional composites.

2
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Xi et al. (contribution 10) provide a theoretical study on the Sc3AlC MAX phase under
high-pressure conditions using first-principles calculations. Their analysis includes the
evolution of lattice parameters, elastic anisotropy, electronic band structure, and dislocation
core energies. Their work uncovers the pressure-dependent behavior of the material,
revealing its potential for extreme environments where both structural resilience and
electronic functionality are required.

3. Conclusions

This Special Issue on the Design and Development of Metal Matrix Composites
offers a thorough and multifaceted perspective on the latest advancements and future
directions in the rapidly evolving field of MMCs. By offering a diverse array of high-
quality contributions, this issue not only enhances our understanding of the underlying
physical mechanisms, interfacial phenomena, and microstructural evolution inherent to
these composites but also showcases novel fabrication strategies and practical applications
useful for a wide range of industrial sectors.

The collected works reinforce the strategic relevance of MMCs in addressing the
growing demands for lightweight, high-performance, and durable materials in critical
areas such as the aerospace, automotive, biomedical engineering, defense, and renewable
energy industries. Furthermore, they highlight the transformative potential of integrating
computational modeling, advanced experimental techniques, machine learning, and design
optimization into the development pipeline of MMCs—paving the way for smarter, more
efficient, and sustainable material systems.

Importantly, this Special Issue underscores the value of interdisciplinary collabora-
tion, wherein materials scientists, mechanical engineers, manufacturing specialists, and
computational researchers converge to tackle complex challenges in MMC research and
applications. The synergies between theory, processing, characterization, and performance
evaluation contribute to a more holistic approach to composite materials design.

We hope that the insights and innovations presented herein will serve not only as
a state-of-the-art reference for current practitioners but also a catalyst for future investi-
gations. By encouraging dialogue and collaboration across disciplines, we hope that this
Special Issue supports the continued evolution of MMCs toward increasingly sophisticated,
customized, and impactful solutions for next-generation technologies.

Conflicts of Interest: The author declares there are no conflicts of interest.
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9. Kunčická, L.; Kocich, R. Characterizing the Behavior and Microstructure of
Cu-La2O3 Composite Processed via Equal Channel Angular Pressing. Metals 2025, 15, 368.
https://doi.org/10.3390/met15040368.

10. Xi, J.; Wang, Z.; Zhang, L.; Ma, L.; Tang, P. Unveiling High-Pressure Behavior of Sc3AlC
MAX Phase: A Comprehensive Theoretical Study on Structural, Mechanical, Dislocation, and
Electronic Properties. Metals 2025, 15, 492. https://doi.org/10.3390/met15050492.

References

1. Chen, L.-Y.; Qin, P.; Zhang, L.; Zhang, L.-C. An overview of additively manufactured metal matrix composites: Preparation,
performance, and challenge. Int. J. Extrem. Manuf. 2024, 6, 052006. [CrossRef]

2. Kar, A.; Sharma, A.; Kumar, S. A Critical Review on Recent Advancements in Aluminium-Based Metal Matrix Composites.
Crystals 2024, 14, 412. [CrossRef]

3. Ammisetti, D.K.; Kruthiventi, S.S.H.; Vinjavarapu, S. A review on reinforcements, fabrication methods, and mechanical and wear
properties of titanium metal matrix composites. J. Eng. Appl. Sci. 2024, 71, 60. [CrossRef]

4. Tamtam, A.; Abusoua, A. Recent developments in metal matrix composites with fiber reinforcement. In Comprehensive Materials
Processing, 2nd ed.; Elsevier: Amsterdam, The Netherlands, 2024; Volume 12, pp. 374–394. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

4



metals

Article

An Insight into the Varying Effects of Different Cryogenic
Temperatures on the Microstructure and the Thermal and
Compressive Response of a Mg/SiO2 Nanocomposite
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Abstract: This study for the first time reports that insights into microstructure and thermal and compres-
sive responses can be best achieved following exposure to different cryogenic temperatures and that the
lowest cryogenic temperature may not always produce the best results. In the present study, a Mg-SiO2

biocompatible and environment-friendly nanocomposite was synthesized by using the Disintegrated
Melt Deposition method followed by hot extrusion. Subsequently, it was subjected to four different
sub-zero temperatures (−20 ◦C, −50 ◦C, −80 ◦C, and −196 ◦C). The results reveal the best densification
at −80 ◦C, marginally improved ignition resistance at 50 ◦C, the best damping response at −80 ◦C, the
best microhardness at −50 ◦C, and the best compressive response at −20 ◦C. The results clearly indicate
that the cryogenic temperature should be carefully chosen depending on the property that needs to be
particularly enhanced governed by the principal requirement of the end application.

Keywords: disintegrated metal deposition; nanocomposite; cryogenic treatment; silica; mechanical
properties; magnesium; microstructure; biocompatible materials

1. Introduction

In recent times, magnesium-based materials have gained increasing traction in struc-
tural and biomedical contexts with green potential; this is by virtue of several desirable
properties such as its light weight, high specific strength and stiffness, Young’s modulus
comparable with human bone, and biocompatibility owing to its non-toxic nature [1,2].
Furthermore, magnesium is sustainable as a resource, with worldwide production near
1 million tons annually in past years and having reserves assessed by the United States
Geological Survey as sufficient to meet the needs of today and the future, positioning it as
a metal expected to play a key and strategic role in the future [3].

Considering its low density of 1.74 g/cm3 (distinctly less than that of aluminum and
titanium) and subsequent light weight, its ease of processing and machining, as well as
its suitability for recycling, which comes with significant energy savings (35 kWh/kg for
primary production vs. 3 kWh/kg for remelting), magnesium is a very suitable material
for multiple applications [4,5]. Combined with abundant reserves, as mentioned earlier,
this allows for a green (sustainable, energy-saving) structural metal, critical in the resource-
and energy-intensive landscape of today and for the future.

Magnesium-based materials are currently being actively explored as resorbable tem-
porary implants and as fixation implants in orthopedic, craniofacial, and cardiovascular
contexts [6]. These applications are currently being serviced with conventional metallic
materials, such as those based on Ti, Fe, and Co, which require a secondary removal surgery.

Metals 2024, 14, 808. https://doi.org/10.3390/met14070808 https://www.mdpi.com/journal/metals5
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Moreover, these conventional materials possess shortcomings, namely their high density, bio-
logical incompatibility arising from alloying elements (Ni, Co, Cr) [7,8], and stress-shielding
effects. As magnesium is a bioresorbable material, it serves as a temporary fracture recovery
support while also avoiding the aforementioned secondary/revision surgery, reducing the
risk of complications [9,10]. Further, more recent engineering uses of magnesium targeted
to reduce greenhouse gas emissions and increase human comfort include the automobile,
rail, marine, aerospace, space, sports, electronics, and defense sectors [11,12].

SiO2 (Silica) is attractive as a ceramic reinforcement; possessing strong covalent bonds,
it is thermally stable up to 1300 ◦C [13] and also has a very high hardness (7.3 GPa) [14]. In
the context of Mg materials, the use of such ceramic reinforcements (especially at the nano-
scale) can be an inexpensive and enticing alternative to the use of alloys for improvements
in mechanical properties via dispersion strengthening and the activation of non-basal slip
systems [15,16]. Its usefulness also lies outside of structural and engineering contexts;
also known as bioglass, it exhibits high biocompatibility [17] and bioactivity, encouraging
bone growth and aiding in bone reconstruction due to its osteoinductive properties [18–20].
Furthermore, it also has positive effects on material properties, examples of which include
improvements in the compressive strength, corrosion resistance, and thermal stability of
SiO2-reinforced magnesium composites [13,21,22].

Further improvements in material properties can be achieved via cryogenic treatment,
a less pursued area in the case of magnesium nanocomposites. This involves exposing the
material to sub-zero temperatures, which historically has been conducted for ferrous materials
such as steel, with the aim of improving the reliability and lifespan of components based
on these materials [23,24], but research on non-ferrous (including Mg-based) materials is still
relatively sparse [25]. Preliminary research on Mg-based alloys and nanocomposites has been
conducted [26–28], exhibiting positive outcomes such as improved mechanical properties and
microstructure. However, these studies were conducted at temperatures of−20 ◦C (refrigeration)
and/or −196 ◦C (liquid nitrogen treatment); limited information exists on the outcomes of
cryogenic treatment of Mg-based materials at other sub-zero temperatures.

Accordingly, this work seeks to study and determine the effects of different sub-zero
temperatures (including those between −20 ◦C and −196 ◦C) and correlate them with
the microstructural, thermal, and compressive responses of a Mg-based nanocomposite
containing nano-sized SiO2.

2. Materials and Methods

2.1. Synthesis

A nanocomposite ingot was synthesized by using pure Mg turnings (99.9% purity, Acros
Organics, Morris Plains, NJ, USA) and 2 wt%. SiO2 nanoparticles (10–20 nm in size, Sigma
Aldrich, Alfa Aesar GmbH & Co. KG, Haverhill, MA, USA) were synthesized using the DMD
(Disintegrated Metal Deposition) process with a target superheat temperature of 750 ◦C. Using
a conventional lathe, billets of 35.5 mm and 45 mm in length were machined from this ingot.
These were then subjected to hot extrusion with an extrusion ratio of 20.25 at a temperature of
350 ◦C, using an extrusion die of 8 mm in diameter and with prior soaking at 400 ◦C for 1 h.

Materials from the resulting extruded rods were then subjected to cryogenic treatment,
with the conditions summarized in Table 1.

Table 1. Material designations and treatments performed on Mg-2SiO2 nanocomposites studied in
this work.

Material Designation Treatment Performed

AE As-extruded (no treatment)

RF20 Refrigeration at −20 ◦C for 24 h

RF50 Refrigeration at −50 ◦C for 24 h

RF80 Refrigeration at −80 ◦C for 24 h

LN Liquid nitrogen exposure at −196 ◦C for 24 h
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Exposure for 24 h to different cryogenic temperatures was selected as previous studies
on the cryogenic treatment of metallic materials have demonstrated that this duration
results in distinct, noticeable effects on material properties such as strength and hard-
ness [23,24,26] and is thus appropriate for this study given the variation in exposure
temperatures.

Where applicable, property results of cryogenically-treated materials will be com-
pared against pre-treated counterparts. Otherwise, they will be compared against the
AE counterpart.

2.2. Density and Porosity

The Archimedes principle was used to determine the density and porosity of the
materials. A Density Determination Kit (AND Company, Limited, Tokyo, Japan) mounted
on a GH-252 weighing scale (AND Company, Limited, Tokyo, Japan) was used to obtain
mass readings of the samples, with five samples characterized for each treatment case. The
density and the porosity values of the cryogenically treated samples were also compared
with those of the same samples prior to treatment.

2.3. Microstructural Characterization

Samples were ground with 4000-grit emery paper and fine-finished using 1 micron-
sized alumina suspension for microstructural characterization. Microstructure images
were taken using the JEOL JSM-6010PLUS/LV Scanning Electron Microscope (SEM, JEOL
USA Inc., Peabody, MA, USA) equipped with Energy Dispersive Spectroscopy (EDS) at an
accelerating voltage of 20 kV, 2000× magnification, and a working distance of 10 mm.

X-ray Diffraction (XRD) analysis of the materials was conducted using a Shimadzu
XRD-6000 automatic spectrometer (Shimadzu Corporation, Kyoto, Japan). Longitudinal
surfaces of the extruded materials were exposed to Cu Kα X-rays at a wavelength λ of
1.5418 Å, with a scanning speed of 2◦/min and a scanning range from 25◦ to 80◦.

2.4. Thermal Characterization

A Shimadzu DTG-60H thermogravimetric analyzer (TGA, Shimadzu Corporation,
Kyoto, Japan) was used to determine the ignition response and a Shimadzu DSC-60 digital
scanning calorimeter (DSC, Shimadzu Corporation, Kyoto, Japan) was used to determine
the thermal response of materials in this study. These characterizations were conducted
on samples with approximate dimensions of 2 mm × 2 mm × 2 mm, each subjected to a
temperature range from 30 ◦C to 1400 ◦C at a rate of 10 ◦C/min in purified air at a flow rate
of 50 mL/min for TGA, and from 30 ◦C to 600 ◦C at a rate of 5 ◦C/min in argon flowing at
25 mL/min for DSC.

A sample of 5 mm in height of each material was exposed to a temperature range from
50 ◦C to 400 ◦C at a rate of 5 ◦C/min in argon gas at a flow rate of 0.1 L/min to determine the
coefficient of thermal expansion (CTE) using a TMA PT1000 Thermomechanical Analyzer
(Linseis Messgeraete GmbH, Selb, Germany).

2.5. Mechanical Characterization

The damping/vibration response, including Young’s modulus, was characterized by
subjecting samples with a length of 50 mm to impulse excitation. The recorded vibration
signals were analyzed using the Resonance Frequency Damping Analyzer (RFDA) software
(RFDA version 8.1.2, IMCE, Genk, Belgium) to glean insight into the materials’ damping
response. One sample per material was analyzed.

Microhardness was characterized using an HMV 2 microhardness tester (Shimadzu
Corporation, Kyoto, Japan) with an indenter force of 245.2 mN and a dwell time of 15 s,
in accordance with procedures outlined in the standard ASTM E-384. A minimum of
15 hardness readings on one representative surface were taken per material for this test.

Flat and parallel samples with an aspect ratio of 1 were subject to quasi-static compres-
sive loading using an MTS-E44 hydraulic tester (MTS Systems, Eden Prairie, MN, USA) at
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a strain rate of 0.000083 s−1 until failure. This analysis was conducted in accordance with
the standard ASTM E9-09 [29]. Three representative samples were tested per material.

3. Results and Discussion

3.1. Density and Porosity

The density and porosity results of the Mg-2SiO2 samples subjected to different cryo-
genic temperatures are shown in Table 2. Porosity was determined by using the Archimedes
method with the following formula (assuming that any voids were filled with air):

Porosity :
ρtheoretical − ρexperimental

ρtheoretical − ρair

where ρtheoretical, ρexperimental, and ρair are material theoretical density, experimental density,
and air density, respectively. Cryogenically treated materials exhibited, in general, elevated
experimental densities and subsequently decreased porosity.

Table 2. Density and porosity results of Mg-2SiO2 materials studied in this work.

Treatment
Average Experimental Density (g/cm3) Porosity Reduction

(%)Before Treatment After Treatment

RF20 1.794 ± 0.006 1.794 ± 0.002 0

RF50 1.793 ± 0.002 1.796 ± 0.003
(↑0.167%) 7.0

RF80 1.787 ± 0.001 1.800 ± 0.004
(↑0.727%) 33.6

LN 1.789 ± 0.012 1.800 ± 0.006
(↑0.615%) 26.3

While no change in density was observed after exposure to −20 ◦C, lower exposure
temperatures resulted in the densification of the materials, as indicated by the reduction
in porosity. This was also observed in a study on CeO2-reinforced Mg which exposed
materials to −20–196 ◦C temperatures (the latter of which was achieved by immersion in
LN, similar to in this study) [26]. This observation can be attributed to two mechanisms,
namely the internal compressive stresses acting on the materials as a result of sub-zero
environments [23], as well as the sinking of dislocations into existing pores [30]. The best
results were achieved at an exposure temperature of −80 ◦C.

3.2. Microstructure

Figure 1 shows the general microstructural morphology, while Table 3 shows the
EDS results of selected locations within the microstructure of the Mg-2SiO2 materials in
this work. Figure 2 shows one of the EDS plots/readings belonging to Mg-2SiO2 AE,
showing the normalized nature of the results (i.e., the table only includes results above a
certain threshold).

The X-ray diffractograms for all Mg-2SiO2 materials are shown in Figure 3. The peaks
were verified against JCPDS cards (Mg: 00-004-0770, MgO: 00-084-0829, Mg2Si: 00-035-0073)
present in the Powder Diffraction File (PDF-4+ 2023) [31], showing that the detected peaks
were predominantly Mg, with some low-intensity peaks corresponding to MgO and Mg2Si.
Furthermore, the relative intensities of the prismatic, basal, and pyramidal planes of the
materials are also summarized in Table 4.

Cryogenic treatment did not appear to result in any discernible differences in the
microstructure. The microstructure of all materials appeared to be predominantly a Mg
matrix with small amounts of bright particles containing O; these are likely MgO and/or
agglomerated SiO2 particles. Mg2Si was not visually detected despite some Si being
detected in the Mg matrix regions. This lack of change in the general microstructural

8



Metals 2024, 14, 808

morphology and elemental composition is consistent with other Mg nanocomposites
undergoing CT, such as those reinforced with CeO2 nanoparticles [26].

 
Figure 1. Scanning electron micrographs of Mg-2SiO2 materials in this work, with selected regions
used for the EDS studies.

Figure 2. EDS results/chart of Mg-2SiO2 AE: matrix region.
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Table 3. The EDS results of Mg-2SiO2 materials in this work.

Treatment Spectrum
Detected Element (wt.%)

Mg Si O

AE
1 97.7 2.3 -

2 88.6 2.4 9.0

RF20
1 100 - -

2 88.0 2.3 9.7

RF50
1 97.4 1.1 1.5

2 87.1 7.0 5.9

RF80
1 96.0 1.8 2.2

2 92.9 1.8 5.4

LN
1 100 - -

2 95.5 1.5 3.1

 

Figure 3. X-ray diffractograms of Mg-2SiO2 materials in this work.
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Table 4. XRD results of Mg crystallographic planes in this work.

Treatment Plane I/Imax

AE

10-10 prism 0.1181

0002 basal 1

10-11 pyramidal 0.6450

RF20

10-10 prism 0.0854

0002 basal 1

10-11 pyramidal 0.5373

RF50

10-10 prism 0.0898

0002 basal 1

10-11 pyramidal 0.5670

RF80

10-10 prism 0.0825

0002 basal 1

10-11 pyramidal 0.4610

LN

10-10 prism 0.0965

0002 basal 1

10-11 pyramidal 0.5326

All materials exposed to sub-zero temperatures exhibited a stronger basal texture
relative to their as-extruded counterparts, shown by the lower relative intensities of the
prismatic and pyramidal peaks. This is in line with previous studies concerning Mg
nanocomposites containing CeO2 where cryogenic treatment strengthened existing tex-
tures [26,32], such that the most dominant basal texture initially present in the extruded
nanocomposites was further strengthened.

3.3. Thermal Response

The CTE and ignition temperatures of the materials studied in this work are summa-
rized in Table 5. Only marginal changes in both properties were observed, indicating that
cryogenic treatment does not result in significant alterations in the thermal properties of
metallic composites.

Table 5. CTE ignition temperatures of Mg-2SiO2 materials in this work.

Treatment Average CTE (×10−6/K) Ignition Temperature (◦C)

AE 22.95 602

RF20 23.63 604

RF50 23.07 606

RF80 22.79 604

LN 24.00 603

Figure 4 shows the ignition responses of the materials, with the ignition temperature
determined at the point just before the spike and subsequent recovery in temperature, as
seen in the magnified inset. The results shown in Table 5 indicate only a marginal increase
(+2 ◦C) in ignition temperature following cryogenic exposure at −20 ◦C and −80 ◦C. For
LN exposure, the ignition temperature was even more marginally affected (1 ◦C increase).
The most significant increase occurred after exposure to −50 ◦C (4 ◦C increase).

The DSC results in Figure 5 indicate that cryogenic treatment does not result in
noticeable changes in thermal response as there are no discernable differences in the trends.
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Figure 4. The ignition responses of Mg-2SiO2 materials in this work, showing the locations where
ignition temperatures were evaluated.

Figure 5. Thermal response of Mg-2SiO2 materials in this work.

3.4. Mechanical Response

Cryogenic treatment was shown to variably change the damping capabilities of the
materials, with a minimal effect on Young’s modulus (Table 6).
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Table 6. Results of damping properties and modulus.

Treatment
Attenuation
Coefficient

Damping Capacity E-Modulus (GPa)

AE 41.8 0.001238 47.54 ± 0.28

RF20 (pre-treatment) 48.42 0.001433 48.26 ± 0.28

RF20 (post-treatment) 49.31
(↑1.8%)

0.001292
(↓9.6%)

49.06 ± 0.29
(↑1.7%)

RF50 (pre-treatment) 38.73 0.001288 48.15 ± 0.28

RF50 (post-treatment) 35.19
(↓9.1%)

0.001174
(↓8.9%)

48.23 ± 0.38
(↑0.2%)

RF80 (pre-treatment) 38.09 0.001104 48.23 ± 0.28

RF80 (post-treatment) 40.94
(↑7.5%)

0.001322
(↑19.8%)

48.23 ± 0.38
(no change)

LN (pre-treatment) 44.54 0.001344 48.71 ± 0.29

LN (post-treatment) 44.88
(↑0.8%)

0.0001352
(↑0.6%)

48.67 ± 0.29
(↓0.1%)

Typically, the reduction in the damping efficacy of cryogenically treated materials can
be attributed to the resulting densification; this would result in reductions in porosity and,
correspondingly, in air pockets and voids, which have been shown to enhance damping
capabilities in aluminum and Mg-based materials [33,34]. However, a notable exception
at −80 ◦C exposure was observed when both the attenuation coefficient and damping
capacity improved. The underlying mechanisms behind such observations are not clear
and require a more detailed study that may include dislocation density measurements
by TEM experts. Nevertheless, improvements in the damping capacity and attenuation
coefficient indicate an increase in the ability to dissipate vibrational energy, crucial in end
applications where such loading is expected to occur (e.g., in components of vehicles).

Microhardness increased after cryogenic treatment, as seen in Table 7, with exposure
to −50 ◦C conferring the greatest increase in hardness. The hardness results suggest that
hardness variation is not solely governed by the extent of porosity (Table 2), but by other
subtle changes in microstructural features, such as variations in texture and dislocation
density. These results open the doors for a more detailed study by experts in this area.

Table 7. Microhardness values of Mg-2SiO2 materials in this work.

Treatment Average Microhardness (HV)

AE 85 ± 7

RF20 86 ± 6 (↑1.2%)

RF50 112 ± 8 (↑31.8%)

RF80 104 ± 5 (↑22.4%)

LN 86 ± 5 (↑1.2%)

Overall, improvements in compressive properties (combination of strength and failure
strain) were observed for cryogenically treated materials (Table 8), most notably for RF20
and LN-treated materials which experienced more significant yield strength improvements.
The variation in yield strength and failure strain with decreases in cryogenic temperature
did not show a trend, while the average ultimate compressive strength increased after
exposure to all cryogenic temperatures. The results reveal that the intrinsic microstruc-
tural factors that govern the friction stress of the matrix and subsequently the initiation
of dislocation motion, affecting yield strength, evolve differently at different cryogenic
temperatures. More detailed research is required in this area.
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Table 8. Compressive properties of Mg-2SiO2 materials in this work.

Treatment
Average 0.2%

Yield Strength
(MPa)

Average Ultimate
Compressive

Strength (MPa)

Average Failure
Strain (%)

Average Work
of Fracture

(MJ/m3)

AE 158 ± 2 380 ± 11 27.6 ± 0.4 60.8 ± 1.8

RF20 171 ± 1
(↑8.2%)

381 ± 12
(↑0.3%)

28.4 ± 1.2
(↑2.9%)

64.0 ± 3.7
(↑5.3%)

RF50 152 ± 3
(↓3.8%)

389 ± 11
(↑2.4%) 27.6 ± 1.2 63.2 ± 3.1

(↑4.0%)

RF80 154 ± 7
(↓2.5%)

385 ± 10
(↑1.3%)

27.5 ± 1.3
(↓0.4%)

60.9 ± 4.9
(↑0.2%)

LN 164 ± 1
(↑3.8%)

383 ± 1.4
(↑0.8%)

28.4 ± 1.04
(↑2.9%)

63.9 ± 4.3
(↑5.1%)

While improvements in compressive properties (especially work of fracture) have
been explored with Mg materials subjected to sub-zero temperatures [26] in the past,
relatively greater improvements in compressive properties (assessed through work of
fracture—Table 8) were observed for cryogenically treated materials, attributable to a
reduction in porosity which assists in the material’s ability to bear load and reduces the
potential for the development of crack initiation sites [35,36]. Specifically, RF20 and LN
materials showed the greatest improvement. The results suggest that for strength-based
design, exposure at −20 ◦C is the best way forward. Considering that this temperature can
be achieved through refrigeration, further energy or resource savings can be attained by
forgoing the use of liquid nitrogen for the treatment of Mg materials in the future.

Macro-scale images of the fractured samples can be seen in Figure 6, with an ap-
proximate 45◦ angle of fracture. Figure 7 shows that microcracks were not present for all
materials, with just the characteristic shear bands resulting from compressive loading ap-
parent. No effect of cryogenic treatment was observed on the fracture surfaces of differently
cryogenically treated samples which displayed similar fractographic characteristics.

 
Figure 6. Macro-scale photographs of compressed Mg-2SiO2 materials in this work.
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Figure 7. Fractographs of Mg-2SiO2 materials in this work.

4. Conclusions

Following the cryogenic treatment of Mg-2SiO2 nanocomposites exposed to different
sub-zero temperatures, the following observations have been noted and conclusions made:

1. The greatest densification (33.6% reduction in porosity) was achieved with an expo-
sure temperature of −80 ◦C.

2. Cryogenic treatment reinforced existing textures by increasing the relative intensity
of the already dominant basal texture.

3. Exposure to −50 ◦C resulted in slight improvements in ignition resistance, with a
4 ◦C increase in ignition temperature.

4. The damping properties of Mg-2SiO2 were most improved through exposure to
−80 ◦C, with the attenuation coefficient improving by 7.5% and the damping capacity
by 19.8%.

5. The hardness of Mg-2SiO2 was most improved (31.8%) through exposure to −50 ◦C.
6. The greatest improvements in compressive response were achieved through exposure

to −20 ◦C, with improvements in yield strength (8.2% increase), fracture strain (2.9%
increase), and energy absorbed (5.3% increase).

The findings of the present work clearly indicate that exposure to differing cryogenic
temperatures results in varying positive effects on the individual properties of Mg-2SiO2
nanocomposites. Thus, the cryogenic treatment temperature should be determined based
on the requirements of the end application. The results presented in this work also empha-
size that the cause of variations in properties resulting from cryogenic exposure requires
more detailed study by experts (typically in-depth microstructural characterization using
TEM and EBSD) and opens multiple pathways for future work.
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Abstract: Aluminum-based hybrid nanocomposites, namely the Al6061 alloy, have gained promi-
nence in the scientific community due to their unique properties, such as high strength, low density,
and good corrosion resistance. The production of these nanocomposites involves incorporating
reinforcing nanoparticles into the matrix to improve its mechanical and thermal properties. The
Al6061 hybrid nanocomposites were manufactured by conventional powder metallurgy (cold press-
ing and sintering). Ceramic silicon carbide (SiC) nanoparticles and carbon nanotubes (CNTs) were
used as reinforcements. The nanocomposites were produced using different reinforcement amounts
(0.50, 0.75, 1.00, and 1.50 wt.%) and sintered from 540 to 620 ◦C for 120 min. The characterization
of the Al6061 hybrid nanocomposites involved the analysis of their mechanical properties, such
as hardness and tensile strength, as well as their micro- and nanometric structures. Techniques
such as optical microscopy (OM) and scanning electron microscopy (SEM) with electron backscat-
ter diffraction (EBSD) were used to study the distribution of nanoparticles, the grain size of the
microstructure, and the presence of defects in the matrix. The microstructural evaluation revealed
significant grain refinement and greater homogeneity in the hybrid nanocomposites reinforced with
0.75 wt.% of SiC and CNTs, resulting in better mechanical performance. Tensile tests showed that the
Al6061/CNT/SiC hybrid composite had the highest tensile strength of 104 MPa, compared to 63 MPa
for the unreinforced Al6061 matrix. The results showed that adding 0.75% SiC nanoparticles and
CNTs can significantly improve the properties of Al6061 (65% in the tensile strength). However, some
nanoparticle agglomeration remains one of the challenges in manufacturing these nanocomposites;
therefore, the expected increase in mechanical properties is not observed.

Keywords: hybrid nanocomposites; powder metallurgy; SiC; CNTs; microstructure; mechanical properties

1. Introduction

The investigation of hybrid metal matrix nanocomposites (HMMNCs) has garnered
significant attention in recent years due to their potential to develop material performance
across various applications, particularly in the aerospace sector. HMMNCs combine the ad-
vantageous properties of metal matrix composites (MMCs) with the superior characteristics
of nanomaterials, leading to enhanced mechanical, thermal, and wear-resistant properties.
The incorporation of nanoparticles, such as silicon carbide (SiC), alumina (Al2O3), and
carbon nanotubes (CNTs), into a metal matrix such as aluminum allows for the tailoring of
material properties to meet the demanding requirements of aerospace applications, where
weight reduction and performance optimization are critical [1,2].

Recent advancements in fabrication techniques, including stir casting, powder metal-
lurgy, and additive manufacturing, have facilitated the production of HMMNCs with
improved microstructural characteristics and mechanical performance. For instance,
ultrasonic-assisted stir casting has been shown to enhance the dispersion of reinforce-
ments within the matrix, resulting in composites with superior tensile strength and fatigue

Metals 2024, 14, 1206. https://doi.org/10.3390/met14111206 https://www.mdpi.com/journal/metals18



Metals 2024, 14, 1206

resistance [2,3]. The hybridization of different types of nanoparticles has also demonstrated
synergistic effects, leading to composites that exhibit enhanced mechanical and tribological
properties compared to conventional materials [2,4].

Hybrid nanocomposites based on the aluminum alloy Al6061 have emerged as a
promising class of materials due to their ability to combine superior mechanical and func-
tional properties. The Al6061 alloy is widely used in structural applications for its excellent
strength-to-weight ratio, corrosion resistance, and good machinability. However, to meet
growing industry demands for materials with even more advanced performance, the ad-
dition of reinforcing nanoparticles, such as ceramics (SiC, Al2O3, TiO2) and carbon-based
materials (graphene, carbon nanotubes), has been explored to produce hybrid nanocompos-
ites. The advantages of Al6061 hybrid nanocomposites include significant improvements
in mechanical properties, such as hardness and wear resistance, due to reinforcements that
increase the aluminum matrix’s yield strength and fracture resistance. In addition, incor-
porating nanoparticles can increase thermal stability and improve tribological properties,
making these materials ideal for applications in the automotive, aerospace, and defense
sectors, where the combination of lightness and high performance is crucial.

Recent advancements in fabrication techniques, such as stir casting and powder metal-
lurgy, have facilitated the production of Al6061 nanocomposites with improved microstruc-
tural characteristics and mechanical performance. For instance, studies have demonstrated
that the ultrasonic stir casting method can achieve a uniform distribution of reinforcements
within the matrix, resulting in composites with enhanced tensile strength and fatigue
resistance [5,6]. Additionally, using hybrid reinforcements—combining different types of
nanoparticles—has yielded synergistic effects, leading to composites that exhibit superior
mechanical and tribological properties compared to unreinforced materials [7,8].

Despite the clear advantages of producing Al6061 hybrid nanocomposites by stir
casting and powder metallurgy, which are the processes that show the best results, these
processes present significant challenges, such as dispersing the reinforcements in the ma-
trix and obtaining a good interface between the matrix and the reinforcement, which can
compromise the expected mechanical properties of the final nanocomposite. Obtaining
a uniform distribution of nanoparticles in the aluminum matrix is complex due to the
tendency of nanoparticles to agglomerate, which can lead to a heterogeneous distribution
and, consequently, a reduction in the desired mechanical properties. For instance, Kumar
et al. [9] demonstrated that the wear characteristics of Al6061 reinforced with multiwalled
carbon nanotubes (MWCNTs) and graphene were significantly influenced by the disper-
sion of these fillers, which was enhanced through a ball milling process. Similarly, the
work by Soni and Thomas [10] highlighted the importance of nanoparticle dispersion in
influencing the mechanical properties of Al6061 matrix composites, emphasizing that poor
dispersion can lead to weak interfacial bonding and reduced mechanical performance. This
challenge is compounded by the high viscosity of the aluminum matrix during processing,
which can hinder the adequate mixing of the nanofillers [11]. Reddy et al. [12] utilized
ultrasonically assisted stir casting to fabricate Al6061 composites reinforced with silicon
carbide and graphite, achieving improved mechanical properties. However, each method
has its limitations; for instance, powder metallurgy can lead to difficulties in achieving
the desired density and homogeneity of the final product [13]. Moreover, the process-
ing parameters, including temperature and time, must be carefully controlled to prevent
nanofiller degradation, mainly when using thermally sensitive materials such as CNTs and
graphene [14].

Additional challenges include optimizing the interface between the matrix and the
nanoparticles to maximize the load transfer and preventing microstructural defects that
could compromise the integrity of the material. Recent studies have focused on functional-
izing nanoparticle surfaces and modifying production techniques to improve the dispersion
and adhesion of nanoparticles in the aluminum matrix [15,16].

The practical applications of these nanocomposites range from lightweight structural
components in automotive and aerospace vehicles to sports equipment and consumer

19



Metals 2024, 14, 1206

electronics, where superior mechanical performance and weight reduction are critical. Re-
search to date has shown progress in improving the properties of nanocomposites but also
highlights the need for further studies into the effects of different types of reinforcements
and production methods. Continued progress in understanding the mechanisms governing
the behavior of these hybrid materials is essential for the development of broader and more
effective industrial applications.

In this sense, this work explores the possibility of producing hybrid nanocomposites of
an Al6061 matrix reinforced with SiC and CNTs. An intense microstructural characterization
was carried out to evaluate the effect of the percentage of reinforcement, sintering tempera-
ture, and type of reinforcement to obtain nanocomposites with the best balance between
microstructure and mechanical properties with high potential for future implementation.

2. Materials and Methods

In the current study, the selected matrix metal was the 6061 aluminum alloy (Al6061)
powder. Two different reinforcements were chosen to produce hybrid Al nanocomposites.
These include multiwalled carbon nanotubes (MWCNTs) and silicon carbide (SiC) particles.
The MWCNTs were obtained from Fibermax Nanocomposites Ltd. (London, UK), and the
SiC particles were supplied by Merck (Darmstadt, Germany).

The as-received materials were characterized using optical microscopy (OM), scanning
electron microscopy (SEM), and electron backscatter diffraction (EBSD). The equipment
used for this characterization was an optical microscope, M 4000 M, with Leica Application
Suite software (version 4.13.0, Leica Microsystems, Wetzlar, Germany) and a Thermo Fisher
Scientific QUANTA 400 FEG SEM (Thermo Fisher Scientific, Hillsboro, OR, USA) with an
EBSD TSL-EDAX detector unit (EDAX Inc. (Ametek), Mahwah, NJ, USA). The particle
size, length, and width of the Al6061 powder were measured by Image J (version 1.51,
Wayne Rasband, National Institutes of Health, Bethesda, MD, USA). The powder samples
for EBSD observation were embedded in epoxy resin and prepared using the conventional
metallographic preparation procedure. To ensure that the surface of the powders was free
of significant plastic deformation and showed signs of EBSD, a colloidal silica finish was
applied for 2 h without applying lower pressure. EBSD analysis was conducted using the
TSL OIM Analysis 5.2 (EDAX Inc. (Ametek), Mahwah, NJ, USA). The grain size and the
crystallographic orientation were evaluated using unique color and inverse pole figure
(IPF) maps. The grain misorientations were evaluated by Kernel average misorientations
(KAM) maps.

The CNTs were analyzed using transmission electron microscopy (TEM, FEI Company,
Hillsboro, OR, USA) and high-resolution TEM (HRTEM, JEOL Ltd., Tokyo, Japan). To
observe the CNTs, they were dispersed and placed on a TEM grid with a carbon film. The
results of the HRTEM were analyzed using the DigitalMicrograph software GMS 3.6.1
(Gatan Ametek, Pleasanton, CA, USA). Raman spectroscopy (Jobin Yvon T64000, HORIBA
Scientific, Kyoto, Japan) experiments were conducted with a laser wavelength of 514 nm.

The hybrid nanocomposites were produced via powder metallurgy schematically
represented in Figure 1. The Al6061 powder was first mixed with different amounts of
CNTs and SiC particles (0.50, 0.75, 1.00, and 1.75 wt.%) using an ultrasonication process
in isopropanol for 15 min and 20.4 kHz. This method has proven effective and efficient
in dispersing nanoparticles while minimizing agglomeration [17,18], thus ensuring a ho-
mogenous distribution of CNTs and SiC within the Al6061 powder. After ultrasonication,
the mixture was dried and cold-pressed at 550 MPa to form cylindrical (∅ 10 mm) green
compacts. Posteriorly, these compacts were sintered in a high-temperature tubular furnace
under vacuum (better than 10−4 mbar), with sintering temperatures ranging from 540 to
620 ◦C, for 120 min with a 5 ◦C/min heating and cooling rate, which provokes diffusion
and ensures enhanced bonding between the matrix and the reinforcements, thus optimizing
the mechanical integrity of the hybrid nanocomposite. Nanocomposites reinforced only
with CNTs and SiC and the Al matrix were also produced under the same condition for
comparison. Figure 2 shows the dimensions of the sintered samples, and three samples of

20



Metals 2024, 14, 1206

each condition were produced. A summary of the production conditions can be observed
in Table 1.

 

Figure 1. Schematic representation of the hybrid nanocomposite production process via powder
metallurgy.

Figure 2. Schematic representation of the hardness indentation on polished cross-sections of the
nanocomposites.

Table 1. Processing conditions of the samples.

Samples
Type of

Reinforcement
Reinforcement

(wt.%)
Ultrasonication

(min/kHz)
Cold Pressing

Pressure (MPa)
Temperature (◦C)

Al 6061
matrix _ _ 15/20.4 550

540
560
580
600
620

Al 6061/CNTs CNTs

0.50
0.75
1.00
1.50

15/20.4 550

540
560
580
600
620

Al 6061/SiC SiC

0.50
0.75
1.00
1.50

15/20.4 550

540
560
580
600
620

Al 6061/SiC /CNTs SiC
CNTs

0.50
0.75
1.00
1.50

15/20.4 550

540
560
580
600
620
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The approach used to evaluate the densification of the sintered composites resorted to
determining both theoretical and experimental densities. The theoretical density was calcu-
lated using the rule of mixtures, accounting for the individual densities of Al6061, CNTs,
and SiC. In contrast, the experimental density was determined by using the Archimedes
principle. Posteriorly, the relative density of the nanocomposites was determined by
comparing both densities. Four samples were used in the measurement.

A detailed microstructural analysis was conducted to understand the interaction
between the aluminum matrix and reinforcements. Optical microscopy (OM), digital
microscopy (DM), scanning electron microscopy (SEM), and electron backscatter diffraction
(EBSD) were applied to polished cross-sections of the nanocomposites. The nanocomposite
samples were embedded in epoxy resin and prepared using conventional metallographic
preparation. For the EBSD analysis, a colloidal silica finish was applied for 2 h without
lower pressure. EBSD analysis was conducted using the TSL OIM Analysis 5.2 (EDAX
Inc. (Ametek), Mahwah, NJ, USA). This technique was used to study the grain size, the
crystallographic orientation, and the texture of the samples.

The mechanical characterization of the sintered hybrid nanocomposites was performed
through hardness and tensile tests. Thirty Vickers microhardness indentations were taken
on polished cross-sections to determine the overall hardness of the samples as schematized
in Figure 2. These were conducted with an application load of 196 mN for 10 s, using a
FALCON 400 micro-/macro-Vickers hardness tester (INNOVATEST Europe BV, Maastricht,
The Netherlands). The tensile tests were carried out using a Shimadzu EZ Test machine
(Shimadzu Corporation, Kyoto, Japan) at a crosshead speed of 1 mm/s to understand the
influence of both reinforcements on the overall strength, ductility, and failure mechanisms
of the hybrid nanocomposite.

3. Results and Discussion

In this study, Al6061 hybrid nanocomposites reinforced with CNTs and SiC particles
were produced and characterized to evaluate the effects of the reinforcements on the
microstructure, phase composition, and mechanical properties of the resulting material.
The initial materials have a significant influence on the final properties and microstructure.
So, initially, a characterization of the reinforcements and as-received powders used to
produce the nanocomposites was also carried out.

3.1. Powders and Reinforcements Characterization

The initial characterization of the as-received powders and reinforcements used in
producing hybrid Al6061 nanocomposites is essential to understand their morphological,
structural, and chemical properties before integration into the composite matrix.

The Al6061 powder, used as the matrix material, was characterized to ensure its suit-
ability for the fabrication of nanocomposites. The particle size distribution was measured,
and the results showed that the average particle size of the Al6061 powder was approx-
imately 35 μm, with a narrow distribution, as depicted in Figure 3. The morphology of
the Al6061 powder was examined using scanning electron microscopy (SEM), revealing
predominantly spherical particles, which are preferred for uniform mixing and compaction.
The spherical shape of the particles is advantageous for reducing the porosity of the sintered
composite, thereby improving its mechanical properties.

The chemical composition of the Al6061 alloy powder was analyzed using energy-
dispersive X-ray spectroscopy (EDS) to confirm the presence of primary alloying elements,
such as magnesium (Mg), silicon (Si), and copper (Cu). The results, presented in Table 2,
show that the elemental composition of the Al6061 powder follows the standard composi-
tion of the Al6061 alloy, ensuring that the matrix will exhibit the expected mechanical and
thermal properties. Some oxygen is also detected on the surface of the particles.

22



Metals 2024, 14, 1206

 

Figure 3. Scanning electron microscopy (SEM) image in secondary electron mode of the Al6061
as-received powders.

Table 2. Chemical composition (wt.%) of aluminum alloy 6061 as-received powder.

Al Mg Cu Si O

96.5 1.0 0.7 0.4 1.4

Electron backscatter diffraction (EBSD) was used to map crystallographic information,
such as grain crystallographic orientation, phase distribution, and strain of the Al6061
particles. Figure 4 shows the results of the morphology and microstructural characteriza-
tion of the Al6061 powder particle. Figure 4a shows the unique color grain map of the
one powder particle. Each grain is colored in this map differently to represent different
grain domains, and based on this map, the presence of grains of different sizes in each
powder particle can be seen. The inverse pole figure (IPF) map in Figure 4b was obtained to
show the crystallographic orientation of the individual grains in the powder. This helps to
identify the grain structure, size distribution, and how the grains are oriented to each other.
The map suggests that the particles are characterized by grains of different sizes, and the
color variation indicates different crystallographic orientations. In the KAM map shown in
Figure 4c, the colors represent the Kernel average misorientation from 0◦ to 5◦. Regions
with high disorientation may be associated with plastic deformation regions, such as grain
or subgrain boundaries, where greater dislocation activity has occurred. Green or blue
areas, more common in grain centers, indicate less misorientation, suggesting that these
regions are less deformed or subject to significant internal stresses. In the Al6061 powder,
these higher misorientation areas could indicate zones of intense processing, such as during
milling, atomization, or rapid solidification, where deformation has accumulated due to
internal stresses. Figure 4d is the image quality map, where the lighter areas typically corre-
spond to well-ordered crystalline regions with high-quality diffraction patterns. The darker
areas indicate areas of greater misorientation. This map helps to identify regions with
stress or defects in the sample and to understand the quality of the EBSD results. The lines
represent grain boundaries where the crystallographic orientation changes significantly.
The blue lines may represent high-angle grain boundaries, while the red and green lines
represent low-angle boundaries. The results agree with the KAM maps, which indicate
that greater plastic deformation is observed on the particle surface where the low-angle
boundaries are located, and there is a higher density of dislocations.
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(a) (b) 

  
(c) (d) 

Figure 4. EBSD results of an Al6061 powder particle (a) unique grain color map, (b) inverse pole
figure map, (c) Kernel average misorientation map, and (d) image quality map with grain bound-
aries delimitated.

The CNTs, attending as the primary nanoscale reinforcement, were characterized to
assess their purity, structure, and dispersion quality. Transmission electron microscopy
(TEM) was used to examine the morphology and structural integrity of the CNTs. Figure 5
shows a TEM image of the CNTs, revealing a multiwalled structure with an average
diameter of 10–20 nm and lengths in the micrometer range. The high aspect ratio of CNTs
is crucial for improving the load transfer capability within the nanocomposite.

Raman spectroscopy was performed to confirm the structural quality of the CNTs. The
Raman spectrum shows distinct D and G bands, corresponding to the disordered carbon (D
band) and the graphitic structure (G band). The intensity ratio of these two bands (ID/IG)
was calculated to be around 1.01. This value can be attributed to some defects in the CNTs,
which is critical for their role as reinforcement in the composite.

The SiC particles were characterized to ensure their uniformity, size, and morphology
before being used as the second reinforcement in the hybrid composite. The SiC powder was
analyzed using SEM, and Figure 6 presents SEM images showing the angular morphology
of the SiC particles, with an average particle size of approximately 5 μm. The sharp edges
and irregular shape of the SiC particles are expected to enhance the mechanical interlocking
within the matrix, contributing to improved load-bearing capacity.

In addition, the SiC particles were analyzed using EDS, which confirmed that the
powder consists primarily of silicon and carbon, with no detectable impurities, as seen in
Table 3. This high-purity SiC is necessary to prevent unwanted chemical reactions with the
Al matrix, such as the formation of aluminum carbide (Al4C3), which can compromise the
mechanical properties of the composite.
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Figure 5. A high-resolution (HRTEM) image of an MWCNT shows a magnification of a region of the
layers where we can see the image and measure the number of walls.

 

Figure 6. SEM image of the as-received SiC nanoparticles used as reinforcement material.

Table 3. Chemical composition (wt.%) of SiC powder obtained by EDS.

Si C

13.2 86.8

The characterization of the Al6061 matrix powder, CNTs, and SiC particles demon-
strated that these materials possess the necessary morphological and structural properties
to produce hybrid nanocomposites. The spherical morphology of the Al6061 powder,
the high aspect ratio and purity of the CNTs, and the angular, high-purity SiC particles
contribute to efficient load transfer, grain refinement, and the overall improvement of the
composite’s mechanical properties. The uniform dispersion of CNTs and SiC within the
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matrix was achieved through ultrasonication to ensure homogeneity, minimizing poten-
tial defects in the final nanocomposite and reducing the observed agglomeration of the
as-received nanoparticles and CNTs.

3.2. Nanocomposites Characterization

As already mentioned, to produce the hybrid nanocomposites, a study was first
carried out on the effect of the amount of SiC and CNT reinforcement for producing the
nanocomposites. Figure 7 shows the hardness evolution of Al6061 composites reinforced
with different amounts (0.50, 0.75, 1.00, and 1.50 wt.%) of SiC and CNTs.

Figure 7. Evolution of hardness (HV0.2) of the nanocomposites with the different amounts of the
reinforcement. The hardness of the Al6061 matrix is also shown for comparison purposes.

As the amount of SiC increases from 0.50 to 1.50 wt.%, a steady or rapid increase in
hardness is expected. However, at very high SiC content (1.00 and 1.50 wt.%), the hardness
tends to stabilize or slightly decrease due to poor particle distribution or clustering, which
can cause defects or porosity. Adding CNTs to the aluminum matrix improves hardness
until a value of 0.75 wt.% of CNTs is reached. However, this increase may be more gradual
compared to SiC, due to the challenges of uniformly dispersing the CNTs within the
matrix. As the CNT content increases, an improvement in hardness is expected. For
both types of reinforcement, the maximum hardness value was observed for 0.75 wt.%
reinforcement content.

A detailed microstructural characterization was performed in the nanocomposites
reinforced with SiC to understand the hardness evolution with the reinforcement amount.
Figure 8 shows the SEM images at a lower magnification of Al6061 nanocomposites re-
inforced with different amounts of SiC. Each image corresponds to a different SiC rein-
forcement weight percentage (0.50, 0.75, and 1.00 wt.% of SiC). The images display the
distribution of SiC particles within the aluminum matrix. The particles appear as dark spots,
while the aluminum matrix appears as a lighter background. Increasing the amount of SiC
reinforcement changes the particles’ distribution, agglomeration, and overall interaction
within the matrix for the nanocomposite with 0.50 wt.% SiC, the image shows a relatively
uniform distribution of SiC particles with some small clusters. The size of the SiC particles
appear relatively uniform, with fewer large agglomerates. This amount may result in
effective dispersion strengthening as the particles are well-distributed without significant
clustering, enhancing the hardness and mechanical properties due to load transfer from the
matrix to the particles. The concentration of particles increases for nanocomposites with
0.75 wt.% SiC, and there is a slight tendency for more clusters or agglomerations of SiC
particles, especially in certain areas. Although there is still relatively good dispersion, the
agglomeration of SiC particles could become more pronounced compared to the 0.50 wt.%
sample. The presence of agglomerates may act as stress concentrators or weak points in
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the material, potentially affecting its overall mechanical properties. However, the hardness
may continue to increase with the increase in SiC. For 1.00 wt.% SiC, the micrograph reveals
a more pronounced agglomeration of SiC particles. The dark spots representing the SiC
particles are more clustered and unevenly distributed. Agglomerates are visible across the
image, suggesting that, at higher concentrations, it becomes more challenging to maintain a
uniform distribution of the reinforcement within the matrix. This agglomeration could lead
to reduced mechanical performance, as these clusters may act as points of weakness where
failure can initiate. These areas could also introduce voids or other defects, negatively
affecting the material’s toughness and ductility.

   
(a) (b) (c) 

Figure 8. SEM images of the nanocomposites reinforced with SiC with (a) 0.50%, (b) 0.75%, and
(c) 1.00% wt.

High-magnification SEM images of the nanocomposites reinforced with different
amounts of SiC can be observed in Figure 9.

Based on these high-magnification images, which correspond to different composi-
tions of SiC-reinforced Al6061 nanocomposites (0.50, 0.75, 1.00, and 1.50 wt.%), it is possible
to confirm the evolution of the distribution and agglomeration of SiC particles within
the aluminum matrix as the reinforcement concentration increases. As the amount of SiC
increases from 0.50% to 1.50%, the images change from a uniform distribution to a highly
agglomerated microstructure. At lower concentrations (0.50% and 0.75%), the uniform
distribution of particles promotes effective strengthening by dispersion, improving the
composite’s mechanical properties without compromising its integrity. However, from
1.00% onwards, the formation of large clusters becomes significant, indicating that the
reinforcement exceeds the matrix’s dispersion capacity. At 1.50%, the large agglomerations
result in a less homogeneous microstructure with the potential for deterioration in mechan-
ical properties, especially fracture toughness and ductility. These observations suggest an
ideal limit for incorporating SiC particles, probably around 0.75% to 1.00%, where there
is a balance between increasing hardness and maintaining good mechanical properties.
The formation of second-phase particles tends to increase with the concentration of SiC,
and their presence strongly impacts the microstructure and mechanical properties of the
nanocomposites. These particles are finely dispersed at lower reinforcement concentrations
and act beneficially, increasing hardness and wear resistance. At higher amounts of rein-
forcement (1.00 and 1.50 wt.%), however, they group together and interact with the SiC
agglomerates, introducing stress concentration points and defects that reduce the material’s
overall strength, especially under cyclic or impact loads. The quantity and distribution of
these particles must be carefully controlled to avoid deteriorating mechanical properties
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at high reinforcement concentrations. Second-phase particles in aluminum composites
often include compounds such as AlFeSi, AlMgSi, or other intermetallics arising from
the reaction of alloying elements (such as Mg, Si, Fe) present in Al6061. Their formation
is influenced by thermal processing, sintering time, and the nature of the reinforcement
introduced. These phases are generally harder and more brittle than the pure aluminum
matrix and can significantly impact the material’s mechanical and tribological properties.

(a) (b) 

(c) (d) 

Figure 9. SEM images of the nanocomposites of the SiC reinforced with (a) 0.50 wt.%, (b) 0.75 wt.%,
(c) 1.00 wt.%, and (d) 1.50 wt.%.

EDS analyses were carried out to predict the nature of these second phases by com-
bining them with data from the Al-Mg-Si [19] and Al-Fe-Si [20] phase diagrams. Figure 10
shows the different zones observed in the nanocomposite samples. These regions were
analyzed through EDS analysis, and the chemical composition was used to predict the
phases through phase diagrams, then the most probable phase was indicated. Due to
the interaction volume of the technique, and since some of the precipitates are smaller
than this volume, there is an error associated with this technique. Based on this analysis,
the lighter particles are precipitates that can be identified as Al15Fe6Si5. Darker areas are
characterized by (Si)ss and Mg2Si. It is also possible that a cluster of SiC particles has
become concentrated in grain boundaries and pores in this image.

Figure 11 shows the EDS maps of the sample reinforced with 0.75 wt.% SiC. The Si
element map shows that the element is more concentrated in the points corresponding
to the dark and light particles in the SEM image. This confirms the point EDS analysis
presented earlier. This distribution confirms that these dark regions are SiC particles used
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as reinforcement in the composite, corresponding to the (Si)ss, Mg2Si, and Al15Fe6Si5
phases. The Fe map reveals a significant concentration in the lighter second-phase particles.
This suggests that the particle is composed of an Al-Fe intermetallic compound, possibly
with Si. EDS analysis reveals the presence of a second-phase particle rich in Al, Fe, and Si,
confirming the identification of the intermetallic compound of the Al-Fe-Si system formed
during the solidification process. These intermetallic particles are generally harder and
more brittle than the aluminum matrix and can act as stress concentration points and
failure initiators under cyclic or impact loads. However, the formation of large intermetallic
particles containing Mg or Si can compromise the material’s overall strength, making it
more susceptible to fracture.

 

Figure 10. SEM image of Al6061 nanocomposites with the EDS analyzed regions marked and present
in Table 4.

   
(a) (b) (c) 

 

 (d) (e) 

Figure 11. (a) SEM image of Al6061 matrix and EDS elemental distribution map of (b) Al, (c) Mg,
(d) Si, and (e) Fe.
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Table 5 shows the phase percentages of the samples for the different nanocomposites.
The addition of reinforcement affects the formation of these second phases typical of the
Al6061 alloy. Previous studies reported similar results when CNTs were added [17].

When CNTs are added to the Al6061 matrix, similar results are observed concerning
dispersion and the formation of second phases. In this sense, a percentage of 0.75 wt.% was
selected for both reinforcements to produce hybrid nanocomposites, considering all the
microstructural and mechanical characterization results.

Table 4. EDS chemical composition in wt.% of the regions marked in Figure 10.

Zone Al Mg Si Fe Cr C Possible Phases

1 58.9 10.1 31.0 SiC
2 93.2 4.7 2.1 Al15Fe6Si5
3 59.6 15.5 14.9 α-Al + (Si)ss + Mg2Si
4 95.6 3.0 1.3 Al15Fe6Si5
5 100 α-Al

Table 5. Phase percentages and pores and SiC agglomerates of the Al6061 matrix and nanocomposites.

Al15Fe6Si5 (Si)ss + Mg2Si Pores + SiC Agglomerates

Al 0.5 1.3 1.3
Al0.5wt.%SiC 0.4 0.4 1.7

Al0.75wt.%SiC 0.8 0.7 1.6
Al1.00wt.%SiC 0.5 0.7 2.6
Al1.50wt.%SiC 0.3 0.7 3.2

3.3. Hybrid Nanocomposites Characterization

The hybrid nanocomposites were produced at different sintering temperatures. Figure 12
shows the density of the hybrid nanocomposites for the different sintering temperatures.
The density for the matrix and the nanocomposites reinforced only with SiC and CNTs
is also shown for comparison purposes. The sintering temperature where the greatest
densification is obtained is 580 ◦C; for this reason, it was selected to produce the hy-
brid nanocomposites.

Figure 12. The density of the Al6061 matrix and Al6061 reinforced with CNTs, SiC, and SiC/CNTs
for the different sintered temperatures.

The microstructure of the hybrid nanocomposites was analyzed using SEM, EDS, and
EBSD. Figure 13 shows the SEM images of the composite at different magnifications.
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(a) 

  
(b) (c) 

Figure 13. (a) Low magnification SEM image of Al6061/SiC/CNTs produced at 580 ◦C, (b) higher
magnification SEM images, and (c) EDS elemental distribution map of Al, Fe, Mg, C, O, Si, and Cu.

It can be observed that the SiC particles are uniformly distributed within the matrix,
while the CNTs form a network-like structure, reinforcing the matrix along the grain
boundaries. No significant agglomeration of CNTs was detected, suggesting that the
selected processing technique achieved effective dispersion. The higher magnification SEM
image shows that dark spots and regions may correspond to the SiC or CNT clusters. The
EDS map reveals the distribution of elements (Al, Fe, Mg, and Si) within the observed
microstructure. Each color represents a different element, allowing for a visual correlation
between the presence of specific elements and the microstructural features. For example,
Si (silicon) might be concentrated around the SiC particles and combined with Fe in
secondary phases.

In addition to the mechanical properties, the addition of reinforcements has a signifi-
cant impact on the microstructure of the matrix. The microstructure of the nanocomposites
was investigated in detail using EBSD. Figure 14 shows the unique color maps for Al6061,
Al6061/CNTs, Al6061/SiC, and Al6061/SiC/CNTs. Using the unique color maps to rep-
resent grains helps visualize the impact of different reinforcements on grain refinement.
The addition of SiC has a stronger effect on grain size reduction than CNTs, and the hybrid
Al/SiC/CNT configuration shows the most refined microstructure. This refined grain struc-
ture enhances the resulting nanocomposites’ mechanical performance, such as increased
hardness, yield strength, and wear resistance.

Moreover, incorporating SiC particles resulted in grain refinement, as evidenced by
the smaller grain sizes in the composite compared to the unreinforced Al6061 alloy. The fine
dispersion of SiC likely acted as a barrier to grain growth during solidification, contributing
to this observed refinement. CNTs may have further restricted grain boundary movement
through a pinning effect, synergistically enhancing the microstructural refinement.
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(a) (b) 

  
(c) (d) 

Figure 14. Unique grain color map of (a) Al6061 matrix, (b) Al6061/CNTs, (c) Al6061/SiC, and
(d) Al6061/SiC/CNTs.

The inverse pole figure (IPF) maps the corresponding IPF orientation distribution
function figures of the Al6061 matrix, and the different reinforced nanocomposites with
CNTs, SiC, and hybrid reinforcements are presented in Figure 15. The IPF maps indicated
the grain crystallographic orientation in the materials, while the figures show the intensity
of specific crystallographic orientations within the material. Based on these results, the
impact of different reinforcements on the grain orientation and microstructure of the
Al6061 matrix is clear. Adding CNTs and SiC particles, individually and in combination,
significantly refines the grain structure and modifies the crystallographic texture. The
Al/SiC/CNT configuration exhibits the most refined microstructure and the strongest
texture, suggesting the potential for superior mechanical properties, including increased
hardness, strength, and possibly improved thermal stability and wear resistance. This
influence in the crystallographic orientation of the metallic matrix grains can be explained
by reinforcements, which create significant internal stresses in the matrix due to differences
in mechanical properties, such as the modulus of elasticity and hardness. These internal
stresses alter the distribution of forces within the grains, resulting in crystallographic
reorientations to accommodate the local deformation.
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(c) (d) 

 
(e) (f) 

 
(g) (h) 

Figure 15. Inverse pole figures (IPF) maps and IPF figures of (a,b) Al6061 matrix, (c,d) Al6061/CNTs,
(e,f) Al6061/SiC, and (g,h) Al6061/SiC/CNTs.
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As a result, the grains near the reinforcements tend to realign, changing their ori-
entations to balance the stress distribution. The high density of dislocations generated
by the reinforcement particles can induce the formation of subgrains within the existing
grains. These subgrains, which have slight orientation differences, arise to relieve the
accumulated stress. Some subgrains may reorganize and reorient as the deformation con-
tinues, leading to new crystallographic orientation patterns. This reorientation is more
pronounced when a combination of reinforcements, such as CNTs and SiC, synergistically
affects the dislocation movement. The distribution of reinforcement particles influences
the overall grain orientation in the material. The reinforcement particles can favor certain
crystallographic orientations that minimize interfacial energy, promoting, for example, the
formation of preferred textures. Therefore, adding reinforcements can lead to a stronger
and more organized texture, especially in hybrid materials that combine different types
of reinforcements, such as the Al/SiC/CNT nanocomposites. The reinforcements act as
barriers to the movement of grain boundaries, restricting the ability of grains to reorganize
under deformation freely. This restriction leads to the accumulation of deformation energy
at the grain boundaries, forcing the grains to change their orientations to relieve this ac-
cumulated energy. The result is a significant modification in crystallographic orientation,
with increased high-angle grain boundaries and greater structural complexity.

Process parameters have a predominant influence on the behavior of hybrid nanocom-
posites through internal shear stresses, which directly affect the texture and final properties
of the material. Dispersoids alter the material’s resistance to these stresses by acting as
barriers to dislocation movement and either promoting or restricting grain reorganization.
As a result, misorientation differences occur, forming new crystallographic orientations
and preferred textures. In hybrid nanocomposites, these interactions can be even more
complex due to the synergy between different types of reinforcements, such as CNTs and
SiC, resulting in optimized properties and greater structural complexity.

The Kernel average misorientation (KAM) maps of four samples and a histogram
showing the distribution of KAM misorientation angles are presented in Figure 16.

For the matrix, the KAM map shows the grain boundaries and internal misorientation,
which are primarily green, indicating a relatively homogeneous microstructure. For the
nanocomposites reinforced with CNTs, the distribution of colors suggests a slight change
in the misorientation pattern, with more blue and red areas, indicating variations in strain
or dislocation density compared to the pure Al6061 matrix. The Al6061 matrix reinforced
with SiC revealed a KAM map with more prominent red and yellow areas, suggesting a
higher misorientation in certain regions, which could indicate increased strain due to the
presence of hard SiC particles. For the hybrid nanocomposites, the KAM map shows a more
complex distribution of colors, with a mixture of high (red) and low (green) misorientations,
indicating that the combination of reinforcements has a notable effect on the internal
microstructure. The Al6061 matrix has the highest frequency at lower misorientation
angles, while the Al6061/SiC/CNT hybrid composite has a broader distribution, indicating
a more heterogeneous strain distribution. The trend shows how different reinforcements
affect the internal strain and dislocation patterns of the Al6061 matrix.

Adding reinforcements in the matrix, such as SiC particles or carbon nanotubes
(CNTs), causes a significant increase in dislocations and the average misorientation angle
within the grains. This effect can be explained based on the interaction between the
reinforcements and the metallic matrix during solidification and the subsequent plastic
deformation processes. The reinforcements, especially the SiC particles, have much higher
elasticity and hardness modulus than the aluminum matrix (Al6061). This generates
incompatibility in the regions near the reinforcements, resulting in internal stresses and
localized deformations. To accommodate these stresses, additional dislocations form,
especially at the matrix–reinforcement interfaces. The reinforcement particles act as physical
barriers to the movement of dislocations. When a dislocation encounters a rigid particle, it
accumulates, increasing the density of dislocations near these regions. This effect leads to a
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local buildup of stress, which can be partially relieved by forming new dislocations in the
remaining matrix, resulting in a more refined structure.

  
(a) (b) 

  
(c) (d) 

 
(e) 

Figure 16. KAM maps of (a) Al6061 matrix, (b) Al6061/CNTs, (c) Al6061/SiC, (d) Al6061/SiC/CNTs,
and (e) distribution of KAM misorientation angle for all samples.

The hardness evolution of Al6061-based composites sintered at different temperatures
can be analyzed in Figure 17 by considering the reinforcing effects of CNTs and SiC particles
on the Al6061 matrix.
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Figure 17. The evolution of hardness of the Al6061 matrix and Al6061 reinforced with CNTs, SiC,
and SiC/CNTs for the different sintered temperatures.

Due to its relatively homogeneous microstructure, the Al6061 matrix typically shows
the lowest hardness values across all sintering temperatures. As the sintering temperature
increases, the hardness might initially rise due to densification but may decrease at higher
temperatures due to grain growth. The addition of CNTs generally improves the hardness
of the Al6061 matrix due to the strengthening effect of the nanoscale reinforcement and its
ability to hinder dislocation motion. The CNTs can remain well-dispersed at lower sintering
temperatures, reinforcing the matrix. However, CNT agglomeration or reaction with the
matrix at higher sintering temperatures can reduce their strengthening effect, potentially
decreasing hardness. SiC particles significantly enhance the hardness of the Al6061 matrix
due to their high hardness and ability to act as barriers to dislocation movement. The
improvement in hardness is more pronounced at all sintering temperatures than the CNT
reinforcement. SiC particles can better maintain their reinforcing effect at high sintering
temperatures than CNTs, as they are less prone to degradation or agglomeration. At lower
sintering temperatures, hardness is primarily influenced by the matrix’s distribution and
dispersion of reinforcements. As the sintering temperature increases, hardness can increase
due to improved bonding and matrix densification. At higher temperatures (ranging from
480 to 620 ◦C), grain growth and the potential degradation of reinforcements (e.g., CNTs)
can decrease hardness.

Table 6 demonstrates the impact of different reinforcements on the mechanical proper-
ties of Al6061. The Al6061/CNT/SiC hybrid composite achieves the best overall strength
but at the expense of ductility. Each reinforcement type (CNTs, SiC, and hybrid) improves
tensile strength compared to the pure Al6061 matrix but reduces elongation, with the
hybrid configuration providing a balance between the two properties. The Al6061 matrix
has the lowest tensile strength, measuring 63 MPa. The addition of MWCNTs significantly
enhances the tensile strength to 87 MPa, showing the strengthening effect of the carbon
nanotubes. The Al6061/SiC composite exhibits an even higher tensile strength of 96 MPa,
indicating that SiC particles are more effective at improving the load-bearing capacity of
the matrix. The hybrid composite (Al6061/CNTs/SiC) shows the highest tensile strength
of 104 MPa, suggesting a synergistic effect between CNTs and SiC in strengthening the
matrix. The Al6061 matrix shows the highest elongation value of 8.2%, indicating good
ductility. Adding MWCNTs decreases the elongation to 4.4%, reflecting the typical trade-off
between strength and ductility as CNTs increase tensile strength but reduce flexibility. The
Al6061/SiC composite has an even lower elongation of 3.2%, due to the inherent brittleness
of SiC particles. The hybrid configuration (Al6061/CNTs/SiC) slightly improved elonga-
tion to 3.4% compared to the SiC-only composite, possibly due to the reinforcing effect of
CNTs mitigating some of the brittleness introduced by SiC.

36



Metals 2024, 14, 1206

Table 6. Mechanical properties of matrix and nanocomposites obtained by tensile tests for samples
sintered at 580 ◦C.

Tensile Strength (MPa) Elongation (%)

Al 6061 63 8.2
Al 6061/MWCNTs 87 4.4

Al6061/SiC 96 3.2
Al6061/CNTs/SiC 104 3.4

4. Conclusions

The production and characterization of hybrid composites based on the Al6061 alloy
reinforced with carbon nanotubes (CNTs) and silicon carbide (SiC) particles have demon-
strated that incorporating multiple reinforcements leads to significant enhancements in the
material’s mechanical properties. The production of hybrid nanocomposites with 0.75 wt.%
SiC and CNTs by cold compaction and vacuum sintering demonstrated the possibility of
obtaining an increase of 65% in mechanical properties compared to the matrix produced
in the same conditions. Adding individual reinforcements, such as CNTs or SiC up to
0.75 wt.%, contributed to increased tensile strength and hardness due to the combined
effects of grain refinement, load transfer, and barriers to dislocation movement. However,
the hybrid configuration (Al6061/CNTs/SiC) exhibited the most pronounced improve-
ments, showcasing superior tensile strength and a more refined microstructure, indicating
a synergistic effect between the two reinforcements.

While the increase in strength is evident, a reduction in ductility was observed for
all reinforced composites compared to the unreinforced Al6061 matrix, with the hybrid
composites displaying a moderate compromise between strength (65% for tensile strength)
and elongation (58% for the hybrid nanocomposites). This behavior is attributed to the high
stiffness and hardness of SiC particles, coupled with the enhanced load transfer capability
of the CNTs. The results suggest that the hybrid composites are particularly suitable for
applications where high strength and wear resistance are critical, but moderate ductility
can be tolerated.

Overall, the successful production of Al6061/CNT/SiC hybrid composites using
powder metallurgy and subsequent characterization indicates that these materials possess
great potential for advanced engineering applications. Future work should optimize the
dispersion and bonding of reinforcements within the matrix to further enhance mechanical
performance and explore the impact of different sintering conditions and reinforcement
ratios on the microstructural evolution and overall properties of the composites.
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Abstract: Commercially pure Cu features excellent electric conductivity but low mechanical proper-
ties. In order to improve the mechanical properties of Cu, strengthening elements can be added to
prepare alloys or composites featuring enhanced performances. This study focuses on the detailed
characterization of the microstructure of a Cu composite strengthened with Al2O3 particles during
high shear strain processing. The Cu-Al2O3 mixture was prepared by powder metallurgy and directly
consolidated by the intensive plastic deformation method of hot rotary swaging. Samples cut from
the consolidated piece were further processed by the severe plastic deformation method of high
pressure torsion (HPT). The primary aim was to investigate the effects of varying degrees of the im-
posed shear strain, i.e., the number of HPT revolutions, microstructure development (grain size and
morphology, texture, grain misorientations, etc.) of the consolidated composite; the microstructure
observations were supplemented with measurements of Vickers microhardness. The results showed
that the added oxide particles effectively hindered the movement of dislocations and aggravated
grain fragmentation, which also led to the relatively high presence of grain misorientations pointing
to the occurrence of residual stress within the microstructure. The high shear strain imposed into
(the peripheral region of) the sample subjected to four HPT revolutions imparted equiaxed ultra-fine
grains and an average Vickers microhardness of more than 130 HV0.1.

Keywords: copper; composite; high-pressure torsion; microstructure

1. Introduction

Highly pure Cu, typically prepared with the use of electrolytic refining, exhibits ex-
cellent electric conductivity but very low mechanical properties (ultimate tensile strength
of only ~200 MPa) [1]. Adding alloying elements and introducing precipitates or second
phases usually increases the mechanical properties of Cu but also deteriorates its electric
conductivity by aggravating the movement of free electrons [2,3]. Similar effects can be
introduced by deformation processing, favorably in combination with heat treatments [4,5].
Nevertheless, modern technological processes enable the fabrication of alloys and com-
posites benefiting from the strengthening effects of introduced reinforcing particles and
elements, while maintaining favorable electric conductivity provided by Cu (e.g., [6–9]).
The introduced strengthening elements can have various forms, from individual layers
(such as in lightweight Cu-Al laminated composite wires [10,11], or thermally stable Cu-Nb
laminates [12]), through various oxide particles [13,14] to carbides [15–17], and more.

Cu-based composites featuring strengthening particles can advantageously be pre-
pared by the means of powder metallurgy and/or additive manufacturing [18–20]. For
example, Li et al. [21] prepared composite films with ultrahigh electric conductivity from
Cu and carbon nanotubes by pulse reverse electrodeposition, and Rogachev et al. [22]
documented the effects of mechanical activation of a Cu-Cr powder mixture before being
processed by spark plasma sintering. Probably the first ever documented thorough sci-
entific work on Cu-based alloys/composites featuring oxide particles was published by
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Schilling and Grant [23], and the field has experienced rapid development ever since. As
for the contemporary works, e.g., Khaloobagheri et al. [24] investigated the correlation
of mechanical and electric properties for compacted and hot sintered Cu-ZrO2 powders,
Rajkovic et al. [25] prepared a Cu-Al2O3 composite featuring enhanced mechanical proper-
ties and electroconductivity of up to 88% by compacting mechanically alloyed mixtures
of powders, and Mukhtar et al. [26] used Al2O3 nano-powder to fabricate an ultra-fine
grained Cu-Al2O3 composite using warm powder compacting. Cu-Al2O3 composites can
advantageously be used not only for electroconductive applications [27], due to their high
hardness particularly for sliding contacts experiencing wear [28], but also for components
working at elevated temperatures such as heat sinks, engine components, etc. [29,30], as
their mechanical properties are relatively stable [31]. The compacted or sintered pieces
can subsequently be subjected to additional (thermo)mechanical processing to optimize
their microstructures and further improve the properties as, among the solutions, how to
enhance the performance of electroconductive Cu and Cu-based alloys and composites is
introducing nano-sized structural features, such as twins [32] and precipitates [33–36].

Nano-sized structural features can advantageously be introduced by imparting (high)
shear strain via methods of intensive plastic deformation, such as rotary swaging [37–39],
and severe plastic deformation (SPD), such as equal channel angular pressing (ECAP) and
related methods [40–42], or high pressure torsion (HPT) [43–45]. Such methods can advan-
tageously impart strengthening to the processed materials as they introduce generation
and the accumulation of dislocations, the formation of dislocation cells, and the subse-
quent polygonization, i.e., the formation of subgrains, finally developing into full (refined)
grains [46]. Rotary swaging is an industrially applicable method [47]. It was previously
shown to be advantageous for the production of Cu-based electroconductive wires with
refined structural features, e.g., [10,32]. ECAP-based methods’ primary advantage is that
they can be applied to process bulk workpieces of relatively large volumes (among the
SPD methods) [48–50]. The positive effects of ECAP on the mechanical properties and the
related microstructure refinement of commercially pure Cu were reported, e.g., by Volok-
itina [51] and Hlaváč et al. [52]. Guo et al. [53] used multi-pass ECAP combined with aging
treatment to fabricate a CuCrSi alloy with high electric conductivity and enhanced strength
and plasticity, Huang et al. [54] used multi-pass ECAP + aging procedures to impart an
ultra-fine grained structure and, simultaneously, enhanced electric conductivity within
a CuSeTe alloy, while Dalan et al. [55] achieved a high-strength material with favorable
electric conductivity by subjecting a CuCrZr alloy to ECAP (routes A and Bc) and aging.
Nevertheless, HPT can be considered to be even more efficient than ECAP as regards the
grain refinement and introduction of nano-sized structural features.

According to Zhilyaev and Langdon [56], HPT is among the first ever introduced
SPD methods and has several basic modifications as regards the geometry of the dies and
dimensions of the processed specimen. The principle of the method is in deforming a
round specimen (of variable height and diameter, according to the particular die design)
between two massive dies under very high pressures (typically to 5–6 GPa). The dom-
inant deformation mechanism during HPT processing is simple shear [57,58], and it is
highly advantageous for fabricating ultra-fine grained (UFG) microstructures [59,60]. The
combination of shear with very high pressure is highly advantageous. Imposing high
shear strain usually promotes the formation of shear bands within the deformed structure,
which progressively increases deformation inhomogeneity and, thus, also structure inho-
mogeneity. Nevertheless, the (supporting) application of high pressure helps to decrease
the inhomogeneity of the imposed strain. The combined effect of these influencing factors
results in substantial grains’ fragmentation and substructure development (depending
on the imposed strain) throughout the HPT-processed sample. Several studies reporting
the effects of HPT on the development of a (sub)structure for commercially pure Cu were
published. For example, An et al. [61] documented the effects of stacking fault energy
(and Al content) on the mechanical properties of HPT-processed Cu (and selected Cu-Al
alloys), Kosinova et al. [62] investigated the interactions of twins and coincidence site
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lattices (CLSs) within highly pure Cu processed by HPT with different die geometries, and
Huang et al. [63] and Král et al. [64] observed the microstructures of HPT-processed Cu
after room temperature annealing for differing time periods. As regards Cu composites
with strengthening oxide particles, Qi et al. [65] subjected a cast Cu-ZnO composite to
HPT and reported, among others, positive effects of HPT processing on the fragmentation
of ZnO agglomerates. Nevertheless, as far as the authors’ knowledge reaches, studies
investigating the effects of HPT processing on the microstructures of powder-based Cu
composites with additions of strengthening oxide particles are very scarce, or non-existent.

In accordance with the above mentioned, the presented study aims to assess the effects
of severe plastic deformation on the development of microstructures of a Cu–Al2O3 com-
posite prepared by powder metallurgy. The powder-based composite was pre-compacted
by hot rotary swaging (i.e., directly consolidated) and finally processed via HPT at room
temperature. HPT was performed by a varying number of revolutions in order to observe
and evaluate in detail the progressive development of the microstructure. Last but not least,
supplementary measurements of Vickers microhardness across the processed samples were
performed to document the effects on the mechanical properties.

2. Materials and Methods

The first processing step involved the preparation of the powder mixture consisting
of a powder of commercially pure Cu with the addition of 1 wt.% of Al2O3 powder.
A scanning electron microscopy secondary electron (SEM-SE) image of the original Cu
powder is depicted in Figure 1a, while Figure 1b shows an SEM-SE image of the Al2O3
particles.

  
(a) (b) 

Figure 1. SEM-SE images of used powders: Cu (a), and Al2O3 (b).

The powder mixture was homogenized using a TURBULA 3D shaker mixer (Willy A.
Bachofen AG, Muttens, Switzerland) and subsequently filled into copper tube containers
with a diameter of 35 mm, which were then vacuum sealed. The vacuum unit applied for
the sealing was a D-35614 device (Pfeiffer Vacuum GmbH, Asslar, Germany). It consists of
pre-pump, turbo molecular pump, angle valve, a pressure-measuring tube and vacuum-tight
measuring cell and is able to achieve the vacuum of 5 × 10−4 Pa (used for the presented
experiment). The sealed cans were further subjected to hot rotary swaging at a temperature
of 600 ◦C for the powder mixture to directly consolidate. The swaging was carried out to
the final diameter of 20 mm, to provide a workpiece from which 5 mm thick samples for
final HPT processing could be cut. As the primary focus of the following HPT processing
was to assess the effects of the imposed strain, i.e., the number of HPT revolutions, on the
development of the consolidated microstructure, the samples were subjected to a single
revolution (i.e., 360◦ rotation), double revolution (720◦ rotation), and 4 revolutions (1440◦
rotation) at the rotational speed of 1 RPM. The processed samples were then denoted at HPT1,
HPT2, and HPT4, according to the total number of revolutions. HPT was performed under the
pressure of 5 GPa. For each number of revolutions, three individual samples were processed
to subsequently enable more reliable analyses of grain size and Vickers microhardness. A
schematic depiction of the performed material processing is shown in Figure 2.
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Figure 2. Schematic depiction of processing route.

All the processed samples were then subjected to detailed observations of microstruc-
tures via scanning electron microscopy (SEM) using the electron backscatter diffraction
(EBSD) method (Tescan Fera device by Tescan Orsay Holding a.s., Brno, Czech Republic).
The acquired microstructure scans were subsequently evaluated using the Atex software
(Atex© 2018, version 1.32) by LEM3 laboratories [66]. To prepare the samples for the
analyses, all the HPT-processed samples were at first transversally cut to expose their
cross-sectional planes. See Figure 3a depicting a cut HPT specimen (HPT1), and Figure 3b
showing a schematic depiction of regions of performed analyses and measurements. The
cut samples were manually ground using SiC papers up to the coarseness of 1200 and
subsequently polished using diamond solutions with particle dimensions of 3 μm, 1 μm,
and, finally, 0.6 μm, all with the maximum load of 20 kN. Finally, the samples were
electrolytically polished (solutions and equipment by Struers GmbH, Roztoky u Prahy,
Czech Republic). The EBSD scans were acquired with an acceleration voltage of 20 keV.
The scans of the directly consolidated composite were acquired with the dimensions of
1000 × 1000 μm2 and a scan step size of 0.25 μm, while the scans of the HPT-processed
microstructures were acquired with the dimensions of 50 × 50 μm2 and a scan step size of
0.15 μm. The results were evaluated considering the following limits: LAGBs (low-angle
grain boundaries) of 5–15◦, HAGBs (high-angle grain boundaries) > 15◦, and the maximum
deviation considered during the analyses of ideal texture orientations was 10◦.

 

 

(a) (b) 

Figure 3. Transversal cut through sample HPT1: (a) schematic depiction of regions for analyses and
measurements (b).

In order to assess the effects of the shear strain on the mechanical properties of the
HPT-processed specimens, HV0.1 (load of 100 g) Vickers microhardness was measured
along a horizontal line across the cross-sections of the cut samples (see Figure 3a depicting
a cut sample, and Figure 3b schematically showing the analyzed locations). The acquired
values were averaged from all three samples for each material state. Vickers microhardness
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was measured using FM ARS 900 equipment by Future Tech (Spectrographic Limited,
Leeds, UK). The load time for each indent was 7 s.

3. Results

3.1. Direct Consolidation

At first, the microstructure of the directly consolidated workpiece was examined to
assess the quality of consolidation and document the initial microstructure before HPT
processing. Figure 4a shows the band contrast image of the consolidated microstructure and
confirms the sufficient quality of consolidation, as the microstructure did not exhibit any
visible voids or residual porosity. Figure 4a also documents that the Al2O3 particles were
homogeneously distributed within the Cu grains, although they were relatively coarse; the
Al2O3 particles are depicted as the black dots distributed within the Cu grains and marked
with red circles in Figure 4a. The arithmetic mean Cu grain size value, evaluated via the
parameter of equivalent circle diameter, was 47 μm. However, the grain size distribution
was non-homogeneous, and the microstructure evidently also featured coarse Cu grains.
The consolidated microstructure also featured numerous <111>60◦ twin boundaries, which
can clearly be seen in the Orientation Image Map (OIM) in Figure 4b. The corresponding
map of internal grain misorientations is then shown in Figure 4c—this image documents
that the grain misorientations, pointing to a certain occurrence of residual stress within the
microstructure (e.g., [67,68]), were primarily present in the vicinity of the occurring twins
(depicted with red arrows in Figure 4a).

  
(a) (b) 

 
(c) 

Figure 4. Microstructure of directly consolidated workpiece: band contrast image, red circles show
oxides, and red arrows show twins (examples) (a); orientation image map (b); and internal grain
misorientations (c).
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3.2. High Pressure Torsion
3.2.1. Grain Size

The grain sizes in the individual regions of interest, according to Figure 3b, were
evaluated via the parameter of equivalent circle diameter in μm for each HPT-processed
sample. The arithmetic mean grain size values are summarized in Table 1. The table
clearly shows that the grain size gradually decreased with the increasing number of HPT
revolutions; this trend was evident especially in the peripheral regions of the samples. Also,
comparing the individually analyzed regions within a sample, the mean grain size was
larger in the axial region than at the periphery. This trend can be attributed to the character
of the HPT process—as this is an axisymmetric process, the imposed strain gradually
increases along the radius of a processed sample, from its axis towards the periphery.

Table 1. Arithmetic mean grain size with standard deviations in investigated regions of processed samples.

Sample HPT1 HPT2 HPT4

Axis Periphery Axis Periphery Axis Periphery

arithmetic mean
equivalent circle
diameter [μm]

3.75
±0.22

2.65
±0.24

2.80
±0.25

2.30
±0.16

2.40
±0.09

0.95
±0.03

All the examined samples exhibited highly refined grains compared to the directly
consolidated state. However, the peripheral region of sample HPT4 exhibited sub-micron
grain size, i.e., a ultra-fine grained (UFG) microstructure (see Table 1).

3.2.2. Grain Analysis

The Cu grain orientations in the examined regions of the HPT-processed samples were
evaluated via the Orientation Image Maps (OIMs). See Figure 5a–f depicting the individual
results as follows: Figure 5a—the OIM of the sample HPT1 axial region, Figure 5b—the OIM
of the sample HPT1 peripheral region, Figure 5c—the OIM of the sample HPT2 axial region,
Figure 5d—the OIM of the sample HPT2 peripheral region, Figure 5e—the OIM of the sample
HPT4 axial region, and Figure 5f—the OIM of the sample HPT4 peripheral region.

All the images confirm the significant effect of HPT processing on grain refinement, as
documented in Table 1. As can be seen from Figure 5a–f, the microstructure of the HPT1
sample featured the occurrence of numerous twins. Twins were evident especially in the
axial region of the sample. The grains at the periphery of the sample primarily exhibited
traces of severe shearing, although localized twins could also be observed there. After
two HPT revolutions, the grains in the axial region of the HPT2 sample exhibited visible
flattening by the mutual effect of compression and the acting radial vector of shear strain.
The peripheral region of this sample exhibited a bimodal microstructure consisting of
heavily sheared original grains, as well as newly formed small equiaxed grains. The grains
in the axial region of the HPT4 sample then exhibited substantial flattening and shearing,
and the occurrence of twinning in this region of the sample was negligible. The peripheral
region of the HPT4 sample featured heavily refined equiaxed ultra-fine grains with no
evidence of larger sheared grains.

The presence of the Al2O3 particles within the microstructures of the examined regions
of the HPT-processed samples is depicted via the phase maps shown in Figure 6a–f as
follows: Figure 6a—the sample HPT1 axial region, Figure 6b—the sample HPT1 peripheral
region, Figure 6c—the sample HPT2 axial region, Figure 6d—the sample HPT2 peripheral
region, Figure 6e—the sample HPT4 axial region, and Figure 6f—the sample HPT4 periph-
eral region. As can be seen, the microstructures of the HPT-processed samples still featured
the localized presence of larger clusters of the Al2O3 powder particles. Nevertheless,
the majority of the particles were fragmented/refined and more or less homogeneously
distributed within the examined microstructures.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 5. Orientation Image Maps (OIMs) for samples: HPT1 axial region (a), HPT1 peripheral region
(b), HPT2 axial region (c), HPT2 peripheral region (d), HPT4 axial region (e), and HPT4 peripheral
region (f). The grains coloring is according to conventional IPF triangle for FCC metals.

3.2.3. Texture

Figure 7a–f show Pole Figure (PF) texture plots for microstructures in the examined
regions of the HPT-processed samples as follows: Figure 7a—PFs for the sample HPT1
axial region, Figure 7b—PFs for the sample HPT1 peripheral region, Figure 7c—PFs for
the sample HPT2 axial region, Figure 7d—PFs for the sample HPT2 peripheral region,
Figure 7e—PFs for the sample HPT4 axial region, and Figure 7f—PFs for the sample HPT4
peripheral region. The analyses of the dominant texture orientations were evaluated
considering the ideal shear texture orientations according to Beyerlein and Tóth [69], who
documented the characteristic ideal orientations within FCC metals subjected to high
shear strain. The considered characteristic orientations were the following: Ab and A
orientations of the {111}<110> fiber, constant Euler angles Φ = 35.26◦ and ϕ2 = 45◦; A1
and A2 orientations of the {111} fiber, constant Euler angles Φ = 45◦ and ϕ2 = 0◦; Bb and
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B orientations of the <110> fiber, constant Euler angles Φ = 54.74◦ and ϕ2 = 45◦; and C
orientations of the <110> fiber, constant Euler angles of Φ = 90◦, and ϕ2 = 45◦ [69,70].

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 6. Phase maps for samples: HPT1 axial region (a), HPT1 peripheral region (b), HPT2 axial
region (c), HPT2 peripheral region (d), HPT4 axial region (e), and HPT4 peripheral region (f).

Figure 7a,c,e documents the tendencies of alignment/orientation for the grains in the
axial regions of the HPT-processed samples. Orientations close to the A1 and Bb ones were
observed within the axial region of the HPT1 sample. The grains within the axial region of
the HPT2 sample exhibited the tendencies to align with the A1 and C orientations, whereas
the HPT4 sample featured grains oriented close to the A2 and C ideal orientations. The
grains within the axial regions of all the examined samples thus featured the tendencies to
orient along the {111} preferential fiber (A1, A2 orientations), as well as along the <110>
preferential fiber; the latter was represented by the Bb orientation within the samples
featuring lower imposed strains (HPT1 and HPT2), which then shifted to the C orientation
for the sample deformed with four HPT revolutions.
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Figure 7. Pole figure plots for samples: HPT1 axial region (a), HPT1 peripheral region (b), HPT2 axial
region (c), HPT2 peripheral region (d), HPT4 axial region (e), and HPT4 peripheral region (f).

The PF images in Figure 7b,d,f then show that the grains within the microstructure
of the peripheral region of the HPT1 sample featured the tendencies to align along the A2
and C orientations. Increasing the imposed strain to two HPT revolutions then intensified
the tendencies of the grains to form the {111} preferential fiber, as all the examined A1, A2,
and Ab orientations, belonging to this fiber, were detected within the microstructure of the
HPT2 sample, together with the C orientation. The grains within the HPT4 sample then
featured a distinguishable tendency to form the {111} preferential fiber.

3.2.4. Grain Misorientations

The results of the analyses of internal grain misorientations in the scale from 0◦ to
15◦ are depicted in Figure 8a–f as follows: Figure 8a—misorientations for the sample
HPT1 axial region, Figure 8b—misorientations for the sample HPT1 peripheral region, Fig-
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ure 8c—misorientations for the sample HPT2 axial region, Figure 8d—misorientations for
the sample HPT2 peripheral region, Figure 8e—misorientations for the sample HPT4 axial
region, and Figure 8f—misorientations for the sample HPT4 peripheral region. The com-
parison of the misorientations occurring within the axial regions of the processed samples
to those occurring within their peripheral regions shows that the increasing/decreasing
trends with an increasing imposed shear strain in these regions were just the opposite. In
the axial regions of the samples, the frequency of the occurrence of high misorientations
within the microstructure increased with an increasing imposed shear strain. On the other
hand, the microstructures in the peripheral regions of the samples exhibited a decreasing
frequency of occurrence of high grain misorientations with an increasing imposed strain.
The microstructure in the peripheral region of the HPT4 sample, featuring refined equiaxed
grains, exhibited a negligible presence of internal misorientations.

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 8. Internal grain misorientations for samples: HPT1 axial region (a), HPT1 peripheral region (b),
HPT2 axial region (c), HPT2 peripheral region (d), HPT4 axial region (e), and HPT4 peripheral region (f).
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3.3. Vickers Microhardness

Figure 9 shows the results of HV0.1 Vickers microhardness measurements performed
along the cross-sectional line of HPT-processed samples, as depicted in Figure 3b. The
initial hot consolidated Cu-Al2O3 composite sample featured the average microhardness
value of 93.6 HV0.1, and the standard deviation from this value was negligible, only 3.2.
As can be seen from Figure 9, the HV0.1 values increased (significantly) after processing
via one, two, and especially four HPT revolutions. The average microhardness value for
the HPT1 sample was 116.9 HV0.1, and the standard deviation from the value was 9.7. The
average microhardness value for the HPT2 sample then increased to 123.2 HV0.1, and the
standard deviation increased, too, to 11.2; this fact is evident also from Figure 9. Last but
not least, the HPT4 sample featured the highest observed average microhardness value of
133.0 HV0.1 with the lowest standard deviation (among the HPT-processed samples) of 4.0.
Figure 9 depicts averaged values acquired for three samples from each material state, with
standard error bars.

Figure 9. Vickers microhardness across HPT-processed samples.

4. Discussion

The results of the analyses showed that the hot consolidated workpiece featured rela-
tively large grains with more or less homogeneously distributed Al2O3 particles (Figure 4a).
The microstructure may seem comparable to a conventional commercially pure Cu. Nev-
ertheless, the added value introduced by the powder metallurgy is in the homogenous
distribution of the oxide particles within the consolidated microstructure. Due to the differ-
ences in the physical properties of copper and alumina (e.g., melting temperature, density,
etc.), the conventional casting of composites consisting of these two phases features issues,
which typically result in the non-homogeneous distribution of the oxides within the as-cast
workpiece. Among the possible ways of the production of contemporary Cu-Al2O3 metal
matrix composites are chemical routes [71], additive manufacturing [72], or methods of
powder metallurgy; others previously documented that the most favorable way to produce
(relatively) homogeneous Cu-Al2O3 composites is by powder metallurgy, i.e., the mixing
of powders, followed by a selected/optimized processing technology [73,74].

Probably the most significant effect of HPT processing on the microstructure of the
successfully consolidated workpiece was grain refinement, which was significant for all the
samples. Samples subjected to HPT processing generally feature the minimum imposed
strain along their axes, and the maximum imposed strain at their very peripheries. Consid-
ering the axial regions of the HPT1, HPT2, and HPT4 samples, the grain sizes were more
or less comparable, and increasing the number of revolutions had only a negligible effect
on decreasing the grain size. In other words, when comparing the microstructures in the
axial regions of the HPT1 and HPT4 samples, the decrease in the arithmetic mean grain size
with an increasing imposed strain was 36%. Nevertheless, the peripheral regions of the
samples were affected by the increasing imposed strain substantially, as the decrease in the
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arithmetic mean grain size, when compared to the microstructures in the peripheral regions
of the HPT1 and HPT4 samples, was by 64%. Considering the high imposed shear strain,
the grains within the microstructure of the Cu-Al2O3 composite after HPT processing were
refined significantly less than typical for pure Cu processed by HPT (see, e.g., [64,75]). This
phenomenon can be attributed to the effect of the Al2O3 particles. The high shear strain
imposed during the HPT processing generally promotes the (repeating) development of the
chain of the structure-forming phenomena of grain fragmentation, dislocation substructure
development, and the nucleation of new (refined) grains. However, as the herein intro-
duced composite featured the strengthening Al2O3 particles, the movement of dislocations
and the transformation of grain boundaries were (significantly) hindered, as a result of
which the structure (re)forming processes were aggravated [76].

The microstructure development went hand in hand with the development of in-
ternal misorientations pointing to substructure development, which typically goes hand
in hand with a certain presence of residual stress [68,77]. The peripheral region of the
HPT1 sample evidently featured high internal misorientations, which points to a highly
developed substructure; the highest misorientations were observed in the relatively larger
grains, which also featured the presence of LAGBs (see Figures 5b and 8b). Increasing the
imposed strain—the HPT2 sample—caused fragmentation of the largest grains, but also
imparted further development of the substructure, leading to further grain refinement (see
Figures 5d and 8d). Finally, after four HPT revolutions, the imposed strain (i.e., energy)
was sufficient for the grains to fragment and recrystallize to form a more or less relaxed
microstructure consisting of equiaxed uniform UF grains (see Figure 5f). The microstructure
in the peripheral region of the HPT4 sample thus featured a negligible presence of internal
misorientations (see Figure 8f). On the other hand, the micro and substructure development
in the axial regions of the HPT-processed samples was hindered as the shear strain was
not imposed with such an intensity in this region. Therefore, the HPT1 sample featured
a relatively low presence of internal misorientations, and the presence of misorientations
in this region increased with an increasing number of HPT revolutions. Note that the
arithmetic mean grain size in the axial region of the HPT4 sample was comparable to that
observed in the peripheral region of the HPT2 sample, and so was the presence of internal
misorientations. Such similarity between these two samples could also be seen in the
textures. The PF images in Figure 7d,f showed that the grains within the peripheral region
of the HPT2 sample featured the tendency to align along the A fiber and C orientations,
which is comparable to the tendencies of the grains in the axial region of the HPT4 sample.

Last but not least, the observed microstructure development went hand in hand with
the development of the mechanical properties, i.e., Vickers microhardness. When compared
to the initial hot consolidated Cu-Al2O3 sample, the average HV0.1 microhardness value
increased by ~25% after processing by a single HPT revolution. However, after processing
by two revolutions, the average microhardness increased by 32% and then increased even
by 43% after processing by four revolutions. The achieved values were again higher than
previously achieved for pure Cu subjected to comparable processing [64].

5. Conclusions

The presented study investigated the effects of severe plastic deformation, performed
by room-temperature high pressure torsion (HPT) on a directly consolidated Cu-Al2O3
composite. The preparation method consisting of the mixing of powders combined with
direct consolidation via rotary swaging can be considered suitable for the preparation
of Cu-Al2O3 composites as the consolidated microstructure featured the homogeneous
distribution of Al2O3 particles with no evident presence of pores and uniform microhard-
ness distribution. Subsequent HPT processing then revealed the effects of a (gradually)
imposed shear strain on the (gradual) development of the consolidated microstructure,
and its effects were primarily seen in the peripheral regions of the samples. One HPT
revolution fragmented the grains and introduced substantial substructure development,
as documented by a frequent presence of high internal grain misorientations. The sam-
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ple processed by two HPT revolutions featured the most homogeneous distribution of
both grain size and internal misorientations. However, after four HPT revolutions, the
composite sample featured ultra-fine grains (mean grain size of 0.95 μm), the negligible
presence of internal grain misorientations (pointing to the occurrence of substructure and
residual stress), and an average Vickers microhardness of more than 130 HV0.1 (highly
homogeneous distribution across the cross-section).
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Abstract: Titanium (Ti) is widely used in structural, maritime, aerospace, and biomedical applications
because of its outstanding strength-to-weight ratio, superior corrosion resistance, and excellent
biocompatibility. However, the lower surface hardness and inferior wear resistance of the Ti and
Ti alloys limit their industrial applications. Coating Ti surfaces can initiate new possibilities to
give unique characteristics with significant improvement in the Ti component’s functionality. The
current research designed and synthesized titanium nitride (TiN), titanium carbide (TiC), titanium
carbonitride (TiCN), tantalum nitride (TaN), and niobium nitride (NbN) ceramic coating layers
(400 μm) over a Ti substrate using a spark plasma sintering process (SPS). The coatings on the Ti
substrate were compact and consolidated at an SPS temperature of 1500 ◦C, pressure of 50 MPa, and
5 min of holding time in a controlled argon atmosphere. Microstructure investigation revealed a
defect-less coating-substrate interface formation with a transition/diffusion zone ranging from 10 μm
to 20 μm. Among all of the ceramic coatings, titanium carbide showed the highest improvement in
surface hardness, equal to 1817 ± 25 HV, and the lowest coefficient of friction, equal to 0.28 for NbN.

Keywords: Ti substrate; ceramic coating; spark plasma sintering (SPS); microstructure; hardness;
wear resistance

1. Introduction

The fascinating properties such as high strength-to-weight ratio, flame retardation,
damage tolerance, and corrosion resistance make titanium (Ti) and its alloys most suitable
for aerospace, marine, automotive, and chemical applications [1]. In the biomedical in-
dustry, the excellent biocompatibility of titanium makes it the first choice for orthopaedic
implant applications [2]. Despite such valuable characteristics, Ti has inherent shortcom-
ings like lower hardness. The hardness varies from 150 to 200 HV for pure Ti processed via
different processes such as casting, powder metallurgy, additive manufacturing, etc. [3].
Different alloying elements have been added to improve the hardness, but the achieved
hardness is still lower than 400 HV (e.g., as-cast Ti-Ni: 190 HV; as-cast Ti-25Pd-5Cr: 260 HV;
as-cast Ti-20Cr-0.2Si: 320 HV and Ti-6Al-4V: 290–375 HV) [3]. Along with hardness, Ti and
its alloy possess inferior wear resistance [4,5]. In biomedical applications, the implants
are subject to intensive wear, which leads to the formation of wear debris responsible
for toxic effects (cancer and Alzheimer’s disease) in the human body [6]. The inferior
wear resistance of titanium at high temperatures leads to accelerated surface degradation,
reduced component lifespan, increased friction, and potential failure in high-performance
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applications [7]. To overcome the above shortcomings, various surface modification tech-
niques have been employed over the past few decades [8]. For example, applying a ceramic
coating on bare metal or alloy substrate significantly affects the hardness and wear resis-
tance of the substrate [9]. Additionally, ceramics possess very low thermal conductivity,
so they act as a thermal barrier and prevent the failure of the Ti component by reducing
the heat effect [10,11]. In implant applications, the deposition of a biocompatible ceramic
coating enhances antibacterial activity and cell adhesion along with improved hardness
and superior wear resistance, sustaining the implant for a longer duration [12]. Various con-
ventional surface modification techniques, such as spray coating, sol–gel coating, chemical
vapor deposition (CVD), physical vapor deposition (PVD), and electrophoretic deposition
(EPD), etc., have been discussed in the previous literature to improve the performance of Ti
substrates [3]. Additionally, additive manufacturing and powder metallurgy have lately
been published as surface modification techniques for Ti and its alloys [13,14].

The in situ formation of a titanium carbide (TiC) coating on a titanium substrate was
generated through a CVD process, utilizing a gas mixture of H2, CH4, and TiCl4 [15]. The
resulting TiC layer exhibited a thickness of approximately 6 μm. The formation of a TiC
coating significantly enhanced the hardness of the titanium substrate to 2000 HV, which
is 15 times the hardness of the substrate. This substantial improvement in hardness is
attributed to the successful formation of the hard TiC ceramic phase on the titanium surface.
A laser cladding (LC) process was employed to fabricate an in situ TiC/Ti composite
coating on a pure titanium substrate using 20% carbon nanotubes and titanium powder [16].
The final coating predominantly consists of α-Ti and dendritic TiC particles. The results
show that the coating exhibits significant improvements in mechanical properties, with a
hardness of 1125 HV and exceptional wear resistance, demonstrating the potential of LC
for enhancing the surface performance of titanium-based materials.

Ti substrates were coated with titanium nitride (TiN) using PVD techniques [17].
The results demonstrated that the 3.3 μm thick TiN coating significantly improved the
substrate’s hardness, wear, and corrosion resistance. Specifically, the TiN coating enhanced
the hardness by a factor of 7.5, increased corrosion resistance by a factor of 8, and improved
wear resistance by a factor of 4 compared to the uncoated titanium substrate. Similar to
TiC and TiN, other ceramics such as titanium carbonitride (TiCN), tantalum nitride (TaN),
and niobium nitride (NbN) have also shown the potential to improve the mechanical
characteristics of the substrate through conventional coating techniques [18–22].

While various coating technologies can improve the substrate’s hardness and wear
resistance, several disadvantages often limit their application. Techniques such as CVD and
PVD are primarily effective for producing very thin coatings, which may not be suitable
for heavy load applications since, under high load conditions, the relatively low tough-
ness of these coatings can lead to premature failure [3]. The high laser energy density in
additive manufacturing techniques such as laser cladding can lead to the melting of both
the coating and the substrate, resulting in the formation of a heterogeneous microstruc-
ture [23]. This intense localized heating induces uneven cooling rates, which may promote
phase segregation and microstructural inhomogeneity within the deposited material. The
resulting microstructural variations can significantly affect the mechanical properties and
performance of the LC components.

Moreover, the complexity of the process and the associated high operational costs
significantly restrict their broader industrial implementation. Recently, attention has been
diverted toward the spark plasm sintering (SPS) process to fabricate the coating over the
substrate [24]. The in situ synthesis of TiC/SiC/Ti3SiC2 composite coatings of approxi-
mately 400 μm thickness was achieved on a Ti substrate using a spark plasma sintering
process [25]. The results showed a three times increase in hardness and 100 times less wear
loss for a coated Ti substrate than a pure Ti substrate.

In the SPS process, pulsed direct current and uniaxial pressure is applied to compact
and consolidate powder materials [26]. The heat generated through Joule heating at the
points of particle contact induces solid-state sintering, enabling the material to undergo
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densification within a short time frame. SPS enables the fabrication of thick coating layers
with precise control over temperature, pressure, and processing time, ensuring controlled
interactions between the coating and substrate while preserving the mechanical properties
of the substrate, making it suitable for load-bearing applications. So, SPS was considered
as the processing technique for this research. The role of interlayer adhesion in mechanical
properties was studied by Liparoti et al. [27] for PLA material using fused deposition
modelling. Future researchers can build upon this work to investigate the effect of the
interference zone width on the mechanical properties of composite coatings on Ti and
other substrates.

To overcome the limitations associated with the inherent properties of pure Ti surfaces,
various ceramic coatings, including TiN, TiC, TiCN, TaN, and NbN, have been applied on Ti
substrates using the SPS process. The influence of the SPS process and the different ceramic
coatings on the microstructure, hardness, and wear resistance of the ceramic-coated Ti
samples has been thoroughly investigated. This study aimed to provide a comprehensive
understanding of the effects of these coatings on the performance characteristics of titanium,
with a focus on enhancing surface durability and functionality.

2. Materials and Methods

To fabricate ceramic coatings over a Ti substrate, five different ceramic powders (TiN,
TiC, TiCN, NbN, and TaN) were procured from Atlantic Equipment Engineers (Upper
Saddle River, NJ, USA) and Sigma–Aldrich (St. Louis, MO, USA), respectively. Pure Ti discs
with a diameter of 20 mm and a thickness of 5 mm were employed as substrates in this work.
The Ti–ceramic sample fabrication process layout is shown in Figure 1. Each substrate disc
was inserted into the graphite die, and a homogeneous layer of amorphous powder was
applied to the substrate surface to generate a >400 μm thick coating. Before applying the
coating, the substrate surfaces were extensively polished using 400 and 600 mesh abrasive
papers, followed by ethanol cleaning to avoid contamination.

Figure 1. Ti–ceramic sample fabrication process. (a) Raw materials, (b) punch die assembly, (c) spark
plasma sintering, and (d) coated Ti substrate.

The SPS technique was employed to compact and consolidate ceramic powder onto a
titanium substrate. Initially, the ceramic powder was pre-compacted in a graphite die under
a pressure of 5 MPa. The pre-compacted powders were then sintered using an SPS system
(SPS 10-3, Thermal Technology LLC, Santa Rosa, CA, USA) at a temperature of 1500 ◦C,
under a pressure of 65 MPa, with a dwell time of 5 min, all within a controlled argon
atmosphere. The resulting sintered samples were cut in half for cross-section analysis. The
samples were then mounted in graphite moulds before polishing. Following sintering and
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cutting, the samples were sequentially ground and polished using 240, 400, 600, 800, and
1200 grit SiC abrasive papers with a BUEHLER Grinder-Polisher (AutoMet 250, Buehler,
Lake Bluff, IL, USA). The samples were further polished with colloidal silica to achieve
a smooth and fine surface finish. Finally, the polished samples underwent ultrasonic
cleaning in deionized water (DI), soap solution, and ethanol to remove residual silica from
the surface.

The surface hardness of the coating and the coating–substrate interface were evaluated
using a microhardness test conducted with a Wilson BUEHLER microhardness tester (Wil-
son, Chicago, IL, USA) equipped with a Vickers indenter. A test load of 5 N was applied
for 10 s. To ensure result consistency, fifteen initial readings were taken on each sample.
The reported hardness value of 230 HV corresponds to 230 HV0.5, where 0.5 kgf (5 N)
was the applied load. To investigate the tribological performance of sample wear, tests
were performed under dry conditions at room temperature using a ball-on-disc tribometer
(Nanovea™, Irvine, CA, USA). A Si3N4 ball with a diameter of 6 mm was used as the
counter body against the coating surface. The wear test was conducted with a 1 N applied
load, a sliding velocity of 200 rpm, and a track diameter of 5 mm. Hardness and wear
measurements in this study were performed using a statistically significant sample size
(p < 0.05) and carefully controlled testing conditions to ensure reliability and reproducibility.
The samples consisted of coatings synthesized with consistent SPS parameters and identical
substrate geometries (20 mm diameter, 5 mm thickness). The reported average hardness
values were derived from fifteen readings taken at various locations, with reproducibility
further validated by independent testing with five readings taken at different locations. For
COF calculations, four readings were taken at distinct locations on the samples. Phase iden-
tification and microstructural characterization of the Ti–ceramic samples were carried out
using scanning electron microscopy (SEM) (Thermo Fisher Scientific, Hillsboro, OR, USA).

3. Results and Discussion

3.1. Microstructure Analysis

The coatings examined in this study, including TiC, TiN, Ti-TaN, Ti-CNT, and Ti-NbN,
provide significant benefits when applied to titanium substrates, particularly in engineering
applications that demand enhanced surface properties. While similar coatings have been
widely investigated for steel substrates [28–32], titanium substrates, despite their higher
cost, offer superior corrosion resistance, lower density, and excellent biocompatibility.
These advantages make titanium ideal for applications where weight reduction, durability,
and performance are critical, such as in biomedical devices (e.g., implants) and aerospace
components (e.g., aircraft parts and engines). The results of this study highlight the
feasibility of SPS as a scalable and cost-effective method for coating titanium, opening
the door to its broader industrial adoption and potential for innovative applications in
advanced engineering systems.

To enhance the hardness and wear performance of pure Ti surfaces, various ceramic
coatings, including TiN, TiC, TiCN, TaN, and NbN, were applied to the Ti substrate through
the SPS process. Figure 2 depicts a schematic representation of the coating on the substrate
and the corresponding SEM image of a cross-sectional view of the processed sample along
the vertical direction.

The bottom substrate consists of Ti, subjected to extensive cleaning and polishing to
achieve a homogeneous surface texture. This meticulous surface preparation is crucial, as
any contamination or non-uniformity in surface topography, such as voids, micropores, or
overgrowth regions, can significantly compromise the mechanical interlocking between
the substrate and the applied coating. Such imperfections can lead to weak adhesion,
thereby increasing the susceptibility to coating detachment and failure, particularly under
tribological conditions [33,34]. The Ti substrate without any significant porosity is identified
in the SEM image shown in Figure 2. Furthermore, a clean and crack-less interaction line
confirms the excellent bonding of the substrate and deposited ceramics. The upper part of
the sample is the ceramic consolidated region, which accommodates significant porosity.
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During SPS sintering of ceramic powder over a Ti base, a temperature higher than 1600 ◦C
will melt the titanium base, and diffusion of ceramic elements will result in alterations
of the substrate’s mechanical characteristics, which is undesirable in several mechanical
applications. Additionally, the higher temperature used in sintering will result in the
diffusion of carbon from the punch and die, causing the formation of unnecessary carbide,
which degrades the mechanical characteristics of the substrate and coating [26]. To avoid
this, the SPS temperature during the sintering of Ti–ceramics coating samples was limited
to 1500 ◦C. All of the ceramics have a very high melting point (>2500 ◦C), and sintering
ceramics over a Ti plate at low temperature results in porosity, which can be seen in Figure 2.

Figure 2. Schematic of ceramic coating over Ti substrate, and SEM image of a ceramic–Ti sample
cross-section highlighting the ceramic layer, interface region, and substrate.

Figure 3a shows the SEM image of the vertical cross-section for TiN over the Ti
substrate. The appearance of a defect-less interface line within the microstructure re-
flects the excellent bonding of Ti and TiN. Despite titanium nitride’s higher melting point
(~2930 ◦C) [35], at elevated temperatures, nitrogen from the TiN layer begins to diffuse into
the underlying titanium substrate. Nitrogen has a relatively significant diffusion coefficient
(10−11 m2/sec) [36], which facilitates the formation of a transition zone approximately
20 μm in length. This zone is characterized by the diffusion of nitrogen into the titanium
matrix, where nitrogen occupies interstitial sites, forming a solid solution (Ti(N)) [37]. The
energy dispersive spectroscopy (SEM-EDS) mapping shown in Figure 3c–e confirms the
presence of nitrogen in the transition zone, thereby supporting the formation of the Ti(N)
solid solution. However, further analysis of the consolidated TiN layer reveals the presence
of significant microcracking and porosity within the microstructure, indicating poor bond-
ing and consolidation of TiN within the coating after sintering. The higher magnification
SEM image shown in Figure 3b highlights the presence of voids within the TiN consolidated
region, which can be attributed to insufficient sintering temperature. The presence of cracks
within consolidated regions always leads to lower tribological characteristics, discussed in
the succeeding section.

The Ti-TiC sample cross-section image is shown in Figure 4. The bottom portion of
the image (Figure 4a) shows the uniform Ti substrate without substantial porosity, similar
to the Ti-TiN sample. Further investigating the Ti and TiC ceramic coating interface, a
transition zone approximately 10 μm thick is observed, notably thinner than the Ti-TiN
transition region. The reduced thickness of the Ti-TiC transition zone can be attributed to
the relatively low diffusivity (10−12 m2/sec) of carbon in titanium [38]. As carbon diffuses
into titanium, it reacts to form TiC, further restricting carbon diffusion and creating a
shallower transition zone. Further examination of the SEM images in the TiC region reveals
the presence of finer microcracks compared to the Ti-TiN sample, indicating improved
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bonding of TiC after sintering relative to TiN. However, despite the better bonding in the
TiC region, the formation of cracks and voids (Figure 4a,b) still compromises the integrity
and overall performance of the coating under operating conditions, potentially degrading
its mechanical properties.

Figure 5a represents the SEM image of the Ti-TiCN sample section. A comparison
of the Ti-TiCN microstructure with that of Ti-TiN and Ti-TiC reveals a similar, homoge-
neous titanium substrate and a crack-free interface. A careful examination of the transition
zone reveals a thickness of approximately 10 μm, comparable to that of the Ti-TiC sample,
likely due to the presence of carbon. However, significant porosity is observed within
the transition zone, notably more extensive than in the Ti-TiN and Ti-TiC composites.
Furthermore, many agglomerated voids due to incomplete fusion of particles were de-
tected in the sintered TiCN region (Figure 5a,b), indicating ineffective bonding during the
sintering process.

Figure 3. SEM images of (a) Ti-TiN vertical cross-section, (b) higher magnification image in the TiN
region, (c) SEM image for EDS map, (d) Ti distribution, (e) N distribution.
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Figure 4. SEM images of (a) Ti-TiC vertical cross-section, (b) higher magnification image in the
TiN region.

Figure 5. SEM images of (a) Ti-TiCN vertical cross-section, (b) higher magnification image in the
TiCN region.

The microstructures of NbN and TaN coatings on Ti substrates are depicted in
Figures 6 and 7, respectively. The Ti-NbN sample exhibits a transition zone of thickness of
approximately 15 μm. In contrast, the Ti-TaN system shows a transition zone of roughly
12 μm, thinner than the Ti-NbN. This can be attributed to Nb’s significantly higher diffu-
sion coefficient than Ta [39]. Both NbN and TaN coatings display transition zones with no
porosity, indicating strong interfacial bonding compared to other ceramic coatings. Some
fine cracks were observed within the transition zone of the Ti-TaN sample, but no cracks
were detected in the Ti-NbN transition zone. Overall, the consolidated regions of both
NbN and TaN coatings exhibit superior bonding, with some porosities without cracks,
suggesting excellent interfacial integrity compared to the other ceramic coatings.

Among all of the ceramic-coated samples, the Ti-NbN coating exhibits a superior
transition zone with an intermediate thickness, devoid of porosity and cracks. In addition,
the NbN coating layer is more uniform, exhibiting minimal porosity and no cracking
compared to the TiN, TiC, TiCN, and TaN coatings. In general, an increase in porosity tends
to lower the hardness and wear resistance of a material. The voids created by porosity
reduce the overall amount of solid material available to resist deformation under stress. The
hardness typically decreases as the volume of the pores increases, as the material becomes
less dense and more prone to plastic deformation or indentation. The presence of voids
can act as stress concentrators, leading to localized weakening and an increased tendency
for material loss under tribological loading. The reduced thickness of the transition zone,
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along with the minimal porosity and no cracks in the Ti-NbN sample, are key factors that
contribute to enhanced performance under tribological loading conditions.

Figure 6. SEM images of (a) Ti-NbN vertical cross-section, (b) higher magnification image in the
NbN region.

Figure 7. SEM images of (a) Ti-TaN vertical cross-section, (b) higher magnification image in the
TaN region.

3.2. Microhardness

Figure 8 illustrates the average hardness variation across the Ti-plate, the interface
zone, and the composite coating regions for various coatings. The baseline hardness of the
Ti-plate was approximately 184 ± 20 HV. Upon deposition of the coatings, the hardness in
the Ti-plate zone increased to a range of ~225–260 ± 20 HV, depending on the coating type.
For the Ti-TiCN coating, the hardness progressively increased from 226 ± 20 HV near the
Ti-plate to ~557 ± 20 HV in the interface zone and reached ~846 ± 20 HV in the composite
coating zone. In the case of Ti-TaN, the hardness measured was 225 ± 20 HV in the Ti-plate,
~1048 ± 20 HV in the interface zone, and ~1160 ± 20 HV in the composite zone. Similarly,
the Ti-TiN coating exhibited a hardness of 261 ± 20 HV in the Ti-plate zone, 1192 ± 20 HV
in the interface zone, and ~760 ± 20 HV in the composite zone. The influence of carbon
content on hardness is particularly noteworthy, with hardness increasing proportionally to
the carbon percentage. The TiC coating demonstrated the highest hardness in the composite
zone, with values reaching ~1817 ± 25 HV, while the Ti-plate and interface zones recorded
~230 ± 25 HV and ~466 ± 25 HV, respectively. In the case of Ti-NbN, the hardness observed
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was 256 ± 20 HV in the Ti-plate zone and ~1058 ± 20 HV in the interface zone, indicating
the significant role of the coating material in enhancing surface hardness.

Figure 8. Average hardness across the Ti plate, interface zone, and composite coating regions for
various coating types. Note: In the figure, “A” represents the Ti substrate, “B” indicates the interface
zone, and “C” corresponds to the composite coating region.

The presence of cracks on the surface of a material directly influences its surface
hardness, as cracks act as stress concentrators and reduce the material’s resistance to
localized deformation [40]. In the case of coatings such as TiC, TiN, and TiCN, the initiation
and propagation of cracks during loading reduces the effective contact area that contributes
to bearing the applied load. This leads to localized plastic deformation around the cracks,
thereby lowering the apparent hardness values measured in those regions. For example,
TiC coatings, known for their high inherent hardness (~1817 ± 25 HV in the composite
zone), often display microcracks due to their brittleness and limited ductility. While these
cracks can serve as stress relief points and limit catastrophic failure, they can also lead
to a non-uniform hardness distribution across the surface. Microhardness measurements
taken over regions with dense crack networks often exhibit slightly lower values than
crack-free regions because the localized deformation is concentrated near the crack tips.
In TiN and TiCN coatings, microstructural defects such as porosities and cracks further
exacerbate this effect by reducing the cohesive strength of the coating [41]. The uneven
stress distribution caused by cracks can lead to premature plastic deformation during
hardness testing, diminishing the overall surface hardness.

Figure 9 illustrates the hardness variation across different zones, including the Ti-plate,
the interface zone, and the composite coating region, for various coating types. The average
hardness within the Ti-plate region was relatively consistent, ranging from approximately
185 ± 20 HV to 260 ± 20 HV. The interface zone exhibited a uniform width across most
coating types, as evidenced by the convergence trend depicted in Figure 9. For coatings
such as Ti-TiN and Ti-NbN, a decrease in hardness was observed within the composite
coating zone compared to the interface zone. Conversely, coatings like Ti-TiCN, Ti-TaN,
and Ti-TiC demonstrated an increasing trend in hardness within the composite coating
zone, indicating variations in material properties and bonding characteristics influenced by
the coating type. These observations highlight the role of coating composition and interface
integrity in determining the hardness distribution across the coated structure.
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Figure 9. Hardness variation trends across the Ti substrate, interface zone, and composite coating
regions for different coating types. Note: In the figure, “A” represents the Ti substrate, “B” indicates
the interface zone, and “C” corresponds to the composite coating region. Positive (+ve) values
represent the right side, while negative (−ve) values represent the left side of the Ti substrate and
interface zone.

3.3. Tribological Analysis
3.3.1. Coefficient of Friction

Tribological tests for the coatings were conducted under controlled laboratory con-
ditions simulating real-world environments, with a relative humidity of 50% and room
temperature. These conditions facilitated the evaluation of the self-lubricating oxide layers,
such as tantalum oxide (Ta2O5) and niobium oxide, formed during sliding. The results
demonstrated the effectiveness of these oxide layers in reducing the COF and wear with
the Ti-TaN and Ti-NbN coatings. This highlights their potential for applications in humid
and moderate-temperature conditions, validating their tribological performance under
practical environmental constraints.

The wear behaviour of coatings is predominantly influenced by factors such as mor-
phology, toughness, surface roughness, and bonding strength, which are typically quanti-
fied through the coefficient of friction (COF) and wear weight loss [42]. Figure 10a presents
the COF trends for a Ti substrate and five ceramic coatings fabricated via the SPS technique
as a function of applied load and sliding distance. The Ti substrate exhibited an inconsistent
COF within the range of ~0.75–0.80 ± 0.020, indicating non-uniform sliding behaviour
during the wear test, which may result from surface roughness variations and uneven
oxide layer formation
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Figure 10. (a) Variation in the coefficient of friction over time and (b) the corresponding average
coefficient of friction values for Ti plates and various ceramic coatings fabricated using SPS.

TiCN is emerging as a potential alternative to tungsten carbides due to its desirable
properties, such as high hardness, wear resistance comparable to TiC, and toughness akin
to TiN. However, the densification of TiCN requires extremely high sintering tempera-
tures due to its elevated melting point, which poses challenges for its processing and
limits its widespread application. The average COF of TiCN, as shown in Figure 10b,
was measured to be approximately 0.75 ± 0.025, with consistent performance across the
sliding distance, indicating good stability during tribological testing. Tantalum nitride
(TaN) coatings demonstrated a COF in the range of ~0.32 ± 0.020, slightly higher than
niobium nitride (NbN) coatings, which had a COF of ~0.27 ± 0.010. The lower COF in
TaN coatings can be attributed to the formation of a self-lubricating tantalum oxide layer
during sliding, enhancing its tribological performance. In comparison, NbN coatings
benefit from a lower COF due to their reduced surface roughness and higher nitrogen
diffusion into the Ti substrate, creating a robust interfacial bond. For TiC coatings, the COF
was significantly lower, ranging from ~0.46 to 0.49, owing to their superior hardness and
wear resistance. Conversely, Ti-TiN coatings exhibited an average COF of ~0.68 ± 0.025,
which, while higher than TiC, demonstrates the coating’s effective combination of hardness
and toughness. Additionally, adhesive wear was observed in TiCN coatings, as evidenced
by EDS mapping, which showed silicon transfer from the Si3N4 counterface balls to the
wear track, highlighting the potential for material transfer and surface interaction under
sliding conditions. Among all of the coatings studied, the Ti-NbN coating exhibited the
best tribological performance with an impressively low COF of ~0.27 ± 0.010. This superior
performance is likely due to its excellent hardness, reduced surface roughness, and the
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formation of a robust oxide layer, providing effective wear resistance. These findings
emphasize the critical role of coating composition, processing parameters, and oxide layer
formation in enhancing wear resistance and reducing friction, making Ti-NbN a promising
candidate for high-performance tribological applications.

Analysis of variance (ANOVA) was performed to statistically validate the differences
in hardness and COF among the coatings. The analysis confirmed that the variations
in properties across the coatings were statistically significant (p < 0.05), emphasizing
the effectiveness of the SPS process and the material compositions in enhancing surface
performance. These findings underline the critical role of microstructural integrity and
composition optimization in achieving reliable and high-performance coatings. The sta-
tistical analysis included calculating the mean values and standard deviations (SD) for
microhardness across different zones of the Ti-plate, interface, and composite coating and
for the COF observed during tribological testing. The microhardness analysis revealed sig-
nificant differences among the zones and coatings. For instance, the TiC coating exhibited a
mean hardness of 230 ± 25 HV in the Ti-plate region, 466 ± 25 HV in the interface zone,
and 1817 ± 25 HV in the composite zone. The low SD in the Ti-plate and interface zones
indicates uniform hardness in these regions, whereas the higher SD in the composite zone
reflects the influence of microstructural imperfections, such as cracks and porosities, which
are inherent to ceramic coatings processed via SPS. Similarly, Ti-TaN and Ti-NbN coatings
demonstrated enhanced hardness with consistent properties in the composite zone, sug-
gesting their superior microstructural stability. For the tribological performance, the COF
values also exhibited notable differences among the coatings. Ti-TaN coatings recorded
an average COF of 0.31 ± 0.020, while Ti-NbN coatings showed the lowest variability
with a COF of 0.27 ± 0.010. The lower SD in these coatings indicates a stable tribological
response due to the formation of self-lubricating oxide layers, which minimize wear and
friction. Conversely, coatings like Ti-TiN and Ti-TiCN displayed higher COF variability
(±0.025), attributed to localized defects and microstructural inconsistencies during the
sintering process.

Porosity significantly influences the COF and overall tribological performance of coat-
ings produced through SPS. It typically acts as a double-edged sword in wear performance.
On the one hand, it can serve as a reservoir for lubricating debris, which may reduce friction
and enhance wear resistance under specific conditions. On the other hand, excessive poros-
ity weakens the structural integrity of the coating, creating sites for crack initiation and
propagation, ultimately accelerating material removal during wear. SEM image analysis
using ImageJ Version 1.54 calculated porosity levels ranging from 2.2% to 5.1%, which offers
valuable insights into the interplay between microstructural characteristics and tribological
behaviour. The Ti-TiN coating, with 2.2% porosity, exhibits a moderate COF of ~0.68, as
its low porosity minimizes material removal but allows adhesive wear. Similarly, Ti-TiC,
with slightly higher porosity (4.1%), achieves a lower COF (~0.46–0.49) due to its superior
hardness and wear resistance. In contrast, coatings with higher porosities, such as Ti-TiCN
(5.0%) and Ti-TaN (4.8%), show higher COF values (~0.75 and ~0.28–0.32, respectively) due
to increased surface irregularities. However, Ti-TaN compensates for its medium porosity
by forming a self-lubricating oxide layer, maintaining a low COF. The Ti-TiNbN coating,
with 3.6% porosity, achieves the lowest COF (~0.27) due to its dense microstructure and
robust oxide formation.

A similar study was conducted by Ozkan et al. [43], where the substrate was H13
steel, but the coatings applied were AlCrN, ZrN, TioSiN, and TiCrN. TiCN coatings in
the current study exhibited a COF of ~0.75, reflecting their high hardness and toughness
but also adhesive wear challenges. In contrast, in a study conducted by Ozkan et al. [43],
AlCrN coatings achieved a slightly lower COF of ~0.65–0.68 due to the formation of a
lubricating oxide layer. This demonstrates the advantage of oxide formation in reducing
friction and enhancing stability. The TaN coating outperformed TiCrN with a COF of
~0.32 compared to ~0.45. This difference is attributed to TaN’s ability to form a superior
self-lubricating tantalum oxide layer during sliding. TiCrN’s reliance on Cr-based oxides
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was less effective in lowering friction, highlighting TaN’s tribological advantage. NbN
showed an impressively low COF of ~0.27 due to reduced surface roughness and strong
nitrogen diffusion. In comparison, the ZrN coating used by Özkan et al. [43] had a higher
COF of ~0.40–0.42, likely due to differences in oxide layer characteristics. The robust
interfacial bonding in NbN underpins its superior frictional performance. TiC and Ti-TiN
coatings demonstrated COF values of ~0.46–0.49 and ~0.68, respectively, influenced by
their hardness and toughness. TiSiN coating used by Özkan et al. [43], however, achieved
a lower COF of ~0.38, benefiting from a Si-rich lubricating layer that enhanced friction
reduction more effectively than TiC and Ti-TiN.

3.3.2. Tribological Behaviour and EDS Mapping
Tribological Behaviour of Ti-Plate

The tribological behaviour of a titanium plate is inherently challenging due to its ma-
terial properties, which lead to a high COF and susceptibility to various wear mechanisms.
Despite its widespread application in aerospace, biomedical, and other industries, pure tita-
nium has limited surface performance characteristics [42]. The high COF of ~0.78 observed
for uncoated Ti-plate during pin-on-disk testing highlights its tribological limitations rooted
in its mechanical and chemical behaviour. Titanium’s high COF is primarily attributed to its
strong tendency to form adhesive bonds with contacting surfaces. During sliding contact,
the asperities on the titanium surface come into intimate contact with those of the counter
body, forming adhesive junctions, as shown in Figure 11a. Titanium’s ductile nature further
intensifies these adhesive forces, allowing substantial plastic deformation at the contact
points. As the sliding process continues, these junctions may fracture, causing material
transfer and wear debris generation. This phenomenon, known as adhesive wear, leads to
high frictional resistance and contributes significantly to the wear rate of titanium surfaces.

In addition to mechanical wear mechanisms, tribo-chemical interactions significantly
influence the tribological behaviour of titanium. The material’s high chemical reactivity
exacerbates adhesive wear, particularly in environments containing oxygen or moisture.
Under such conditions, titanium readily forms thin oxide layers, primarily titanium dioxide
(TiO2), on its surface, as depicted in Figure 11c. Although these oxide layers offer limited
protection, their mechanical strength often proves inadequate to resist the shear forces
experienced during sliding. Consequently, the oxide layer undergoes breakdown, exposing
fresh titanium surfaces that adhere to the counter body. This cycle of oxide formation,
degradation, and surface re-exposure results in a fluctuating friction coefficient and material
transfer [44].

Figure 11e illustrates this phenomenon, highlighting two distinct regions observed in
the EDS map and SEM image. The light grey region corresponds to the TiO2 layer, which,
upon breakdown, is replaced by the formation of a SiO2 layer. Silicon is introduced from
the Si-nitride balls used in this experiment. Titanium’s relatively low hardness and inherent
softness further exacerbate its tribological challenges, making it susceptible to surface
roughening under mechanical loads [42,45]. During sliding, surface asperities experience
plastic deformation, forming grooves and wear tracks, which amplify surface roughness,
as shown in Figure 11a. This process, known as ploughing, increases frictional forces and
contributes to wear. Moreover, the wear debris generated during sliding accumulates
within the contact interface, functioning as abrasive particles that accelerate wear and
increase the COF. Consequently, titanium’s tribological performance presents a significant
area for improvement, with research efforts focused on surface modification techniques
and advanced coatings to enhance surface properties and mitigate wear.

Tribological Behaviour of Ti-TiCN

Ti-TiCN coatings exhibit tribological properties comparable to those of uncoated Ti-
plate due to the synergistic characteristics of carbides and nitrides [46]. Incorporating
carbon and nitrogen into the titanium matrix enhances wear resistance and hardness,
reducing COF relative to the uncoated Ti-plate [47]. Despite this intent, the measured
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COF for Ti-TiCN coatings (~0.75 ± 0.025) represents a modest reduction compared to the
Ti-plate (COF = ~0.77). This marginal improvement underscores the complexities and
challenges associated with sliding contact, including intricate interfacial interactions. The
wear mechanisms differ notably between the two surfaces. Ti-plate primarily undergoes
adhesive and ploughing wear, resulting in significant material transfer and surface rough-
ening. Conversely, the Ti-TiCN coating exhibits a combination of adhesive and abrasive
wear, with reduced adhesive forces attributed to its hard ceramic composition. However,
localized defects within the Ti-TiCN coating introduce inconsistencies in wear behaviour,
limiting its overall performance enhancement as shown in Figure 12.

Figure 11. EDS mapping of the wear track on the Ti-plate: (a) SEM image of the wear track, showcas-
ing its surface morphology; EDS elemental maps showing the distribution of (b) oxygen, (c) titanium,
and (d) silicon. Additionally, (e) presents a magnified view of the wear track, highlighting surface
details and the corresponding wear mechanism.

Carbonitride phases exhibit high hardness, which effectively reduces surface defor-
mation under applied loads during sliding contact. The increased hardness minimizes
the formation of adhesive junctions with the counter body, reducing material transfer and
enhancing wear resistance. In contrast to pure titanium, which suffers from extensive
plastic deformation and adhesive wear, the Ti-TiCN coating acts as a hard barrier that
resists mechanical interlocking and adhesion. As a result, cracks are formed in the wear
track, which can be seen in Figure 12. However, the tribological performance of Ti-TiCN
coatings is heavily influenced by the quality of the coating microstructure. Achieving full
densification of the carbonitride layer during the SPS process is challenging due to high
sintering temperatures and limited nitrogen diffusion into the titanium substrate. Incom-
plete densification results in the presence of porosity or weakly bonded regions within the

68



Metals 2024, 14, 1437

coating. These microstructural defects only serve as sites for crack initiation [48,49] and
propagation during sliding, which compromise the wear resistance of the coating. The tri-
bological properties of Ti-TiCN coatings are also affected by the relative amounts of carbon
and nitrogen in the coating [16]. The presence of carbon contributes to the hardness and
wear resistance of the coating, while nitrogen improves toughness and ductility. Achiev-
ing an optimal balance between carbon and nitrogen content is critical for enhancing the
coating’s tribological performance. Incomplete diffusion or inhomogeneous distribution of
these elements during the SPS process can lead to microstructural variations, which may
negatively impact the coating’s wear resistance and COF.

Figure 12. EDS map of wear track on Ti-TiCN. (a) SEM image of the wear track showcasing its surface
morphology; EDS elemental maps showing the distribution of (b) oxygen, (c) nitrogen, (d) silicon,
(e) titanium, (f) presents a magnified view of the wear track, highlighting severe cracks and (g) carbon.

Tribological Behaviour of Ti-TaN

The tribological behaviour of Ti-TaN coatings demonstrates superior friction and wear
performance compared to both the uncoated Ti-plate and Ti-TiCN coatings. Tantalum
nitride exhibits a significantly lower COF (~0.31) due to its unique properties, including
high hardness, excellent chemical stability, and a lubricating oxide layer during sliding
contact. This combination of properties makes Ti-TaN coatings particularly effective in
reducing wear and frictional forces, resulting in enhanced tribological performance under
demanding conditions in applications requiring low friction and high wear resistance [50].
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The primary wear mechanism for Ti-TaN coatings is oxidative wear, characterized by the
stable formation of a self-lubricating tantalum oxide (Ta2O5) layer during sliding, which
contributes significantly to the coating’s low coefficient of friction (COF), as illustrated in
Figure 13. This oxide layer forms due to tribo-chemical reactions at the contact interface,
creating a thin, lubricious film that separates the contacting surfaces. The presence of this
oxide layer minimizes direct metal-to-metal contact, significantly reducing friction and
wear. This wear mechanism contrasts with the adhesive and abrasive wear observed in
Ti-plate and the combined adhesive-abrasive wear of Ti-TiCN coatings.

Figure 13. EDS map of wear track on Ti-TaN. (a) SEM image of the wear track showcasing its surface
morphology; EDS elemental maps showing the distribution of (b) oxygen, (c) nitrogen, (d) silicon,
(e) titanium, (f) presents a magnified view of the wear track, highlighting porosities and (g) tantalum.

The high hardness and stability of the tantalum oxide layer reduce the extent of
material transfer and wear debris formation, contributing to a smoother and more consistent
wear track. The other rationale is that the hard tantalum nitride layer effectively prevents
the formation of adhesive solid bonds with the counter body during sliding, reducing
material transfer and adhesive wear. This hardness provides a robust barrier against both
mechanical interlocking and abrasive wear, offering substantial improvements in wear
resistance compared to uncoated Ti-plate and Ti-TiCN coatings.

As shown in Figure 13, EDS mapping revealed that the wear track of Ti-TaN coatings
has a high concentration of tantalum and oxygen, indicative of the formation of a tantalum
oxide layer at the outer zone of the wear track. The wear track shows a smooth track with
minimal wear debris, which is evidence of a continuous protective film. In comparison,
Ti-plate wear tracks displayed extensive titanium transfer and oxide formation, while
Ti-TiCN coatings exhibited regions of carbon and nitrogen-rich wear debris with signs
of localized wear and porosities. The Ti-TaN coating demonstrates superior tribological
behaviour compared to both Ti-plate and Ti-TiCN coatings due to its high hardness, stable
lubricating oxide formation, and effective resistance to adhesive and abrasive wear.
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Tribological Behaviour of Ti-TiN

The tribological behaviour of Ti-TiN coatings significantly enhances hardness and
reduces adhesive wear. However, these coatings exhibit a relatively high COF (~0.69)
compared to more advanced alternatives like Ti-TaN coatings. While the TiN layer markedly
enhances hardness relative to the Ti substrate, its tribological performance is constrained
by microstructural deficiencies. Achieving full densification during the coating process
proved challenging, mainly due to limited nitrogen diffusion.

Consequently, porosity and microstructural defects developed within the coating,
forming localized weak points that compromised wear resistance. These defects are evident
in the wear track map and microstructure, as shown in Figure 14, which reveal unaffected
zones corresponding to areas of poor wear resistance. Additionally, the high hardness of
the TiN coating contributes to its brittleness, leading to elevated contact stresses during
sliding. This results in the initiation and propagation of microcracks, as illustrated in
Figure 14. These microcracks exacerbate localized wear and increase the frictional force
during sliding contact. EDS mapping, as shown in Figure 14, further highlights these
limitations. Regions of high wear exhibit reduced nitrogen and titanium concentrations,
correlating with porosity zones and microcracks. These defects exacerbate localized wear
and contribute to elevated friction. Furthermore, the presence of silicon oxide layers in
the wear track, as observed in the EDS analysis, is attributed to material transfer from the
silicon nitride ball used in the pin-on-disk tests. These findings underscore the need to
further optimize Ti-TiN coating processes to enhance tribological performance, particularly
by addressing porosity, brittleness, and material transfer during wear.

Figure 14. EDS map of wear track on Ti-TiN. (a) SEM image of the wear track showcasing its surface
morphology; EDS elemental maps showing the distribution of (b) oxygen, (c) nitrogen, (d) silicon,
(e) titanium, and (f) presents a magnified view of the wear track, highlighting micro cracks.
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Tribological Behaviour of Ti-TiC

The SEM/EDS images, as shown in Figure 15, reveal a network of cracks within the
wear track, which is a critical microstructural characteristic influencing the tribological
behaviour of TiC coatings. These cracks primarily result from high contact stresses during
sliding, where the brittle nature of the hard TiC layer predisposes it to crack initiation under
localized stress concentrations. The initiation of cracks is facilitated by the inherent stiffness
and limited ductility of the TiC ceramic layer, combined with surface imperfections such as
porosity or microstructural inhomogeneities visible in the wear track. Despite the presence
of these cracks, the TiC coating maintains a relatively low COF (~0.47) due to its hard and
stable ceramic structure, which limits material transfer and adhesive interactions during
sliding. The hard ceramic surface resists severe plastic deformation, and the cracks remain
confined to localized regions without compromising the overall wear resistance [51,52].
This behaviour highlights the coating’s ability to withstand abrasive wear and minimize
frictional forces, even under conditions that promote microcracking.

Figure 15. EDS map of wear track on Ti-TiC. (a) SEM image of the wear track showcasing its surface
morphology; EDS elemental maps showing the distribution of (b) oxygen, (c) nitrogen, (d) silicon,
(e) titanium, and (f) presents a magnified view of the wear track, highlighting cracks.

Moreover, the limited propagation of cracks is attributed to the coating’s high hardness
and cohesive strength, which prevent catastrophic failure. The cracks serve as stress relief
points, reducing the likelihood of larger-scale delamination or spalling [53]. This controlled
cracking mechanism contributes to a smoother wear track compared to uncoated titanium
or alternative coatings such as Ti-TiN or Ti-TiCN, which often exhibit more pronounced
material removal or microstructural defects. The observed cracks within the wear track of
TiC coatings highlight a critical interplay between microstructural integrity and tribological
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properties. The coating’s high hardness mitigates the adverse effects of crack initiation,
allowing it to maintain superior wear resistance and a low COF. This performance makes
TiC coatings suitable for applications where high hardness and resistance to adhesive
interactions are prioritized, even in the presence of microcracking.

Tribological Behaviour of Ti-NbN

The Ti-NbN coating analysed using SEM and EDS mapping (Figure 16) exhibits
remarkable tribological performance, as evidenced by its low (COF = 0.27) and minimal
wear track depth. The SEM images reveal a smooth and homogeneous microstructure
within the wear track, indicating minimal material removal or damage. The absence of
severe cracking or delamination along the wear path suggests a robust coating structure
with exceptional wear resistance. This superior performance is attributed to the synergistic
effects of TiN and NbN, which contribute to the coating’s high hardness, toughness,
and resistance to mechanical degradation under sliding conditions [54]. The elemental
distribution observed in the EDS maps confirms the uniform incorporation of titanium
(Ti), niobium (Nb), and nitrogen (N) throughout the coating, as shown in Figure 16. This
elemental homogeneity eliminates weak points or segregated regions that could serve as
initiation sites for wear or crack propagation. Adding niobium into the TiN lattice enhances
the overall performance of the coating by forming a strong solid solution, which increases
the material’s cohesive strength. NbN is known for its ability to improve fracture toughness,
providing resistance against crack propagation even under high mechanical stress [20].
This toughened microstructure enables the coating to maintain its integrity under dynamic
loading conditions. The combination of TiN and NbN phases in the coating plays a critical
role in achieving a balance between hardness and toughness. While TiN provides low
hardness and wear resistance, NbN improves the coating’s toughness by mitigating the
brittleness typically associated with nitride ceramics. The presence of niobium creates
microstructural interfaces or ductile phases that absorb mechanical energy, preventing
catastrophic failure under stress. This synergy enhances the durability of the coating,
making it resistant to crack initiation and propagation even under severe tribological
conditions. The Ti-NbN coating’s exceptional tribological behaviour is also a result of
its optimized microstructure, elemental homogeneity, and the synergistic properties of
TiN and NbN. The coating’s medium hardness, enhanced toughness, and self-lubricating
nature ensure minimal wear and low friction, making it a highly effective material for
applications involving extreme contact stresses and sliding conditions. Combining these
characteristics highlights the potential of Ti-NbN coatings as a preferred choice in advanced
tribological systems.
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Figure 16. EDS map of wear track on Ti-NbN. (a) SEM image of the wear track showcasing its
surface morphology; EDS elemental maps showing the distribution of (b) oxygen, (c) nitrogen,
(d) silicon, (e) titanium, and (f) presents a magnified view of the wear track, highlighting porosities
and (g) niobium.

4. Conclusions

This study successfully demonstrated the potential of spark plasma sintering (SPS) for
synthesizing advanced ceramic coatings, such as TiC, TiN, Ti-TaN, Ti-CNT, and Ti-NbN,
on titanium substrates to enhance their mechanical and tribological properties. The coat-
ings were characterized by improved surface hardness and wear resistance, addressing
the inherent limitations of titanium alloys. The formation of self-lubricating tantalum
oxide and niobium oxide layers in Ti-TaN (COF = 0.31 ± 0.02) and Ti-NbN coatings
(COF = 0.27 ± 0.01), respectively, contributed significantly to their superior wear resis-
tance. Conversely, the performance of Ti-TiN (COF = 0.68 ± 0.025) and Ti-CNT coatings
(COF = 0.75 ± 0.025) was constrained by porosity and localized microstructural defects,
highlighting areas for process improvement. Microstructural analysis showed that SPS
produced minimal defect coating–substrate interfaces with well-defined transition zones.
TiN had a broader zone due to nitrogen diffusion, while TiC and TiCN had thinner zones
from carbon’s lower diffusivity.

The scientific novelty of this work lies in leveraging the SPS technique to achieve
dense, hard, and wear-resistant coatings while maintaining precise control over the pro-
cessing parameters. This study also introduced a comparative evaluation of COF and
wear mechanisms across multiple ceramic coatings, providing critical insights into the
role of the material composition and microstructure in tribological performance. The
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findings emphasize the advantages of combining nitride and carbide phases to achieve
a balanced enhancement of hardness and toughness, particularly for high-performance
tribological applications.

Future work should focus on optimizing SPS parameters to reduce porosity, improve
coating uniformity, and enhance mechanical and tribological properties. Despite the
progress, microstructural issues, such as microcracking in the TiN and TiC layers and
voids in the TiCN, impacted their tribological performance. These challenges highlight the
importance of refining the sintering parameters, including the temperature and holding
time, to improve densification and minimize defects, ultimately boosting the tribological
performance of ceramic-coated titanium for demanding applications.
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Abstract: The effect of different SiC doping content on the properties of MoSi2-based
composites was analyzed in this study. The MoSi2-SiC composites were fabricated in
situ by the SPS technique, utilizing self-synthesized carbon-containing Mo powder and
Si powder as raw materials. A two-step sintering process was employed to ensure the
formation of a uniform and dense composite structure. The microstructures and mechanical
properties of these composites with various compositions were characterized. The results
show that the composites were primarily composed of MoSi2, SiC, and a minor proportion
of MoSiC phase. The introduction of SiC as a second phase was found to considerably
enhance the mechanical properties of the MoSi2 matrix material. In particular, the MoSi2-
26mol.%SiC sample exhibited Vickers hardness, fracture toughness, and flexural strength
values of 16.1 GPa, 6.7 MPa·m1/2, and 496 MPa, respectively, corresponding to increases of
33%, 24%, and 28% compared to the pure MoSi2 material.

Keywords: molybdenum disilicide; MoSi2-SiC composites; microstructure; mechani-
cal properties

1. Introduction

Molybdenum disilicide (MoSi2) is a borderline intermetallic with both metallic and
ceramic characteristics [1,2]. It is widely used in aerospace, high-temperature smelting,
electronic components, and refractory materials that require high temperature resistance,
excellent oxidation resistance, and good thermal stability [3–5]. This can be attributed to
several unique properties of MoSi2, including its high melting point, low density, high
thermal conductivity, and low coefficient of thermal expansion. Additionally, a protective
glass layer is produced on the surface of MoSi2 at high temperatures, which plays the role
of hindering oxygen diffusion, so as to maintain a longer service life in high-temperature
air environments [6–9]. However, there are a number of problems with its practical applica-
tions, which limit the use of MoSi2 in certain areas with high performance requirements.
MoSi2 undergoes the “PEST” phenomenon when exposed to oxygen at moderate tem-
peratures, and is rapidly oxidized to powder and volatilizes, leading to the destruction
of the structure of the matrix as well as the degradation of its mechanical properties. Al-
though MoSi2 exhibits good strength at high temperatures, its inherent toughness is poor,
especially at low temperatures, and the MoSi2 material is susceptible to brittle fracture
in environments subjected to shock loads or load variations [10,11]. Therefore, further
research is required to enhance the properties of MoSi2 materials.

The properties of MoSi2 can be improved by a variety of methods, such as doping or
alloying, process improvements, and surface coating. Numerous enhancement methods
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have been proposed by researchers to improve its material properties. These approaches
include the incorporation of elements such as metallic W, Al, and Ti, or the addition of
reinforcing phases such as carbides, nitrides, and oxides. Furthermore, grain refinement
techniques have been employed to control grain size and distribution, thereby enhanc-
ing the mechanical properties. Advanced processing techniques have also been utilized
to improve the material density and overall mechanical performance [12–15]. Xu et al.
successfully prepared MoSi2/WSi2 solid solution powders with nanostructures by com-
bustion synthesis using a blend of mechanically activated Mo, W, and Si powders [16].
Li et al. prepared (Mo,Ti)Si2 biphasic composite antioxidant coatings on molybdenum
alloys by the molten slurry method, and the composite coatings formed during oxida-
tion of the Si-Ti-O composite glass can provide long-term antioxidant protection [17]. Ko
et al. synthesized nanoscale MoSi2 and Si3N4 powders via high-energy ball milling using
Mo2N and Si powders as raw materials, and then prepared MoSi2-Si3N4 compounds by
pulsed-current-activated sintering method, with an average hardness and fracture tough-
ness of 12 GPa and 6 MPa·m1/2, respectively [18]. It is worth noting that SiC, as a strong
and high-temperature-resistant material, has a low coefficient of thermal expansion (CTE,
5 × 10−6 K−1) as well as good compatibility with MoSi2 materials [19,20]. Therefore, the
addition of SiC to MoSi2 materials can effectively enhance their thermal stability and
high-temperature strength, while the composites have a relatively low density, making
them advantageous for aerospace and other applications that require lightweighting [21].
Therefore, MoSi2-SiC composites are considered to have broad application prospects and
have received extensive attention [22,23]. Chen et al. prepared 10% SiC/MoSi2 composites
using in situ pressureless sintering with Mo, Si, and C powders. The flexural strength and
fracture toughness of the composites reached 274.5 MPa and 5.5 MPa·m1/2, respectively,
equating to an increase of 40.8% and 30.6%, respectively, over the pure MoSi2 material [24].
Dense SiC/MoSi2 nanocomposites with a relative density exceeding 98% were prepared
by Peng et al. using reactive hot pressing. The room temperature flexural strength of
the 15 vol% SiC/MoSi2 composite was 610 MPa, which represented a 141% increase com-
pared to that of monolithic MoSi2. Additionally, the yield strength at 1200 ◦C reached
720 MPa [25]. He et al. fabricated SiC/MoSi2 composite coatings on the surface of C/C
composites using the chemical vapor infiltration/reaction technique. The composite coat-
ings effectively protected the samples from oxidation at 1500 ◦C for 80 h, with only a 1.25%
mass loss [26]. Overall, the incorporation of SiC effectively strengthens the comprehensive
properties of MoSi2-based composites, positioning them as promising candidates for a
wider array of high-temperature environments.

To date, various preparation methods have been developed to synthesize MoSi2 ma-
trix composites, including mechanical alloying (MA) [27], hot pressing (HP) [28], plasma
spraying [29], spark plasma sintering (SPS) [30], self-propagating high-temperature synthe-
sis (SHS) [31] and other methods. The results of the current study indicate that powder
metallurgy techniques can effectively optimize the microstructure of MoSi2 and improve its
mechanical properties by adjusting sintering parameters such as the temperature, holding
time, and pressure [32]. Notably, SPS is recognized as one of the most advanced powder
metallurgy techniques, capable of achieving nearly full densification while maintaining a
fine grain structure during the sintering process [33]. In this study, the MoSi2 materials were
strengthened by introducing the SiC second phase, and the MoSi2-based composites were
prepared by in situ synthesis using SPS equipment using Si powder and self-synthesized
carbon-containing Mo powders as raw materials. MoSi2-SiC composites with different SiC
contents were successfully produced and analyzed for their microstructure and various
mechanical properties.
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2. Experimental Procedures

2.1. Sample Fabrication

The experimental raw materials were ammonium molybdate ((NH4)2Mo4O13, Jin-
duicheng Molybdenum Co., Ltd., Xi’an, China), carbon black (BR193, Tianjin Ebory Chem-
ical Co., Ltd., Tianjin, China), and silicon powder (Si, 99.99% purity, particle size 5 μm,
Beijing Xingrongyuan Technology Co., Ltd., Bejing, China). Molybdenum (Mo) powder
and carbon-containing Mo powder were first prepared by a two-step reduction method [34].
The detailed preparation process is given as follows.

(NH4)2Mo4O13 was calcined at 500 ◦C for 4 h to obtain molybdenum trioxide, which
was mixed with four different molar ratios of carbon black by ball milling (1:1.9, 1:2.2, 1:2.3,
and 1:2.4), and then carbothermally reduced to obtain homogeneous and dispersed pre-
reduced Mo powders. Finally, a slight portion of residual molybdenum oxide is removed
with hydrogen at the deep deoxygenation stage. The C contents of the four powders obtained
were 0.01 wt.%, 1.63 wt.%, 3.19 wt.%, and 4.26 wt.%, respectively. The powder mixtures were
prepared by adding Si powder according to the powder compositions, which are listed in
Table 1. The powder blends were milled by zirconia balls using a high-energy ball mill for 6 h
to ensure that the powder mixtures were homogeneous and dispersed. Anhydrous ethanol was
used as the grinding medium with a ball to material ratio of 5:1 and a rotational speed of 200
rpm. After the milling treatment, the mixtures were placed into 20 mm diameter cylindrical
graphite molds, and a layer of graphite foil was added between the powders and the molds
to avoid sticking during the high-temperature sintering procedure. The sintering process was
performed using SPS equipment (FIH-452NP, Fuji Electronic Industrial Co., Ltd., Tokyo, Japan)
with a two-step sintering process, first at 1200 ◦C for 5 min, and then at 1600 ◦C for 10 min. The
uniaxial pressure was maintained at 50 MPa during the sintering process, and the temperature
ramping rate was 100 ◦C/min.

Table 1. Designations and raw material compositions for different samples.

Sample Number Mo/wt.% C/wt.% Si/wt.% Materials

M1 63.07 - 36.93 MoSi2
M2 60.95 1 38.05 MoSi2-12mol.%SiC
M3 58.98 1.94 39.08 MoSi2-21mol.%SiC
M4 57.67 2.57 39.76 MoSi2-26mol.%SiC

2.2. Sample Characterization

The sintered circular flake samples were fully sanded with SiC sandpaper to remove
the graphite foil on the surface and polished until the sample surface showed a mirror effect.
The theoretical densities of the composites with different compositions were calculated
based on the densities of MoSi2 (6.28 g/cm3) and SiC (3.2 g/cm3) [35,36]. The actual
densities of each group of samples were calculated by Archimedes’ method and the relative
densities were further obtained by the aspect index of actual density to theoretical density.
The Vickers hardness was measured on the surface of the samples by a digital Vickers
hardness tester at a load of 1 kg and a holding pressure of 10 s. Every sample was randomly
measured at 10 positions and the data were averaged. The Vickers hardness was calculated
as Hv = 1.854 · f

d2 , where f is the applied load in kg and d is the average of the two
diagonal lines of the indentation in mm. Fracture toughness (KIC) data were obtained
by measuring the crack length produced on the sample surface under a load of 5 kg and
calculated according to the formula of Anstis et al. [37]. The sintered samples of different
compositions were all machined into rectangles with 12 mm × 4 mm × 3 mm dimensions
by a diamond wire cutting machine. Three-point flexural tests were carried out on a
universal testing machine to measure the flexural strength with a loading span of 9 mm
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and a crosshead speed of 0.5 mm/min, and the samples of each composition were tested
three times to calculate the mean value. The electrical resistivity was determined by the
four-probe method using a multifunctional digital four-probe tester, and the average value
was taken from at least three measurements for each sample.

The phase compositions of the composites were analyzed and determined by an X-ray
diffractometer (XRD, TTR III, Rigaku Corporation, Tokyo, Japan) with Cu Kα radiation in
the 2θ range of 10–90◦ at a scanning rate of 0.2 s/step and a step size of 0.02 ◦/step. The
microstructures and chemical compositions of the sintered specimen surfaces and sections
were analyzed by field emission scanning electron microscopy (FE-SEM, ZEISS SUPRA 55,
Oberkochen, Germany) and energy spectroscopy (EDS).

3. Result and Discussion

3.1. Thermodynamics of MoSi2-SiC System

Based on the composition of the Mo-Si-C mixture powders, the following reactions
are assumed to take place during the sintering process:

Mo(s) + 2Si(s) = MoSi2(s) (1)

5Mo(s) + 3Si(s) = Mo5Si3(s) (2)

C(s) + Si(s) = SiC(s) (3)

In order to further verify the sintered products, the thermodynamic data of the possible
reactions were calculated using HSC Chemistry 6.0 software. The Gibbs free energy changes
(ΔGθ) for these reactions at various temperatures are depicted in Figure 1, showing that the
reactions proceeded spontaneously during both holding stages. Therefore, the composites
obtained using two-stage SPS of Mo-Si-C mixed powders are inferred to be composed of
MoSi2, Mo5Si3, and SiC.

Figure 1. Temperature dependences of the changes in standard Gibbs free energy for
Equations (1)–(3).
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3.2. Phase Identification

Figure 2 illustrates the XRD patterns of four groups of samples containing different
SiC contents after sintering by SPS. The results indicate that the primary phase in the
composites is MoSi2, while the SiC phase becomes more obvious as the C content in the
powder samples increases. Additionally, weak diffraction peaks corresponding to Mo5Si3
were observed. Mo5Si3 is a typical by-product in the MoSi2 synthesis process [38,39].
In addition, Hu et al. [40] determined that Mo5Si3C is the equilibrium phase within the
Mo-Si-C system, as indicated by the following high-temperature reactions:

5Mo(s) + 3Si(l) + C = Mo5Si3C (4)

5MoSi2 + 8C = Mo5Si3C + 7SiC (5)

The approximate composition of this phase was found to be Mo4.8Si3C0.6. This product
phase has been confirmed by other relevant studies [41,42]. It can be observed that MoSi2
and SiC were primarily generated in the reaction process without the residual raw powders.

Figure 2. XRD patterns of the as-sintered MoSi2-SiC composites.

3.3. Behavior of Sintering

It is well established that the sintering temperature has an essential role in controlling
the microstructure and properties of materials. Therefore, a series of preliminary experi-
ments were conducted by adjusting the sintering temperature (1300 ◦C–1700 ◦C) before
determining the experimental conditions. The results indicated that at lower sintering
temperatures, incomplete reactions of the raw materials and the formation of a porous
structure occurred. This is attributed to the slower atomic migration rates and insufficient
particle contact, which hindered the formation of sintering necks and reduced the degree of
densification. Conversely, higher sintering temperatures promoted excessive grain growth,
creating defects and deteriorating the mechanical properties of the material. Additionally,
the residual oxides in the samples generate gases during the carbon reduction process at
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high temperatures, resulting in the formation of numerous pores. When high-temperature
sintering was employed directly, rapid densification prevented gas discharge, resulting
in the formation of closed pores and consequently increasing the porosity of the sintered
samples. In conclusion, the two-step sintering process used in this study offers distinct
advantages. In the first step, the material was held at 1200 ◦C for 5 min to complete the
reaction and achieve initial densification, followed by a second step, where the temperature
was raised to 1600 ◦C for 10 min to further enhance the densification and material strength.
This approach enabled the gradual optimization of the microstructure, preventing excessive
grain growth and sintering inhomogeneity, ultimately producing a more homogeneous
and densified material. As shown in Figure 3, the relative densities of the four powders
after sintering demonstrate that almost full densification was achieved in all of the sam-
ples. The introduction of SiC as a second phase caused a slight reduction in the relative
density, attributed to gas evolution during the reduction of SiO2 by C. However, all of the
composites achieved relative densities exceeding 98%.

Figure 3. The effect of different SiC contents on the relative densities of the samples.

Figure 4 shows the temperature and shrinkage displacement curves as a function
of the sintering time during the two-step sintering process for the Mo-Si-C system. The
shrinkage displacement curves represent the changes in the sample thickness, with positive
or negative displacements indicating expansion or contraction, respectively. The entire
procedure can be separated into five unique stages. In the initial stage, as the temperature
and pressure increase, the displacement remains stable after the mixed powder is gradually
compacted. In the second stage, as the temperature continues to rise, diffusion and particle
rearrangement occur between the powder particles, leading to the formation of preliminary
inter-particle connections. Due to the large volume change before and after the reaction,
this corresponds to a rapid contraction of the displacement curve in the figure. In the
third stage, the rate of displacement contraction slows down during the holding period
at 1200 ◦C. Until the temperature is further increased, in the fourth stage, the diffusion
rate between the particles accelerates, and the reaction becomes more intense. The raw
material powder is fully reacted and shows an instantaneous shrinkage of the displacement.
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During the final holding stage at 1600 ◦C, the displacement curve remains almost constant
and the sintered sample tends to densify completely. During the final densification stage,
grain growth occurs. Meanwhile, the particles are more tightly bound and the porosity is
reduced. As a result, the sintered samples exhibit high densification degrees, resulting in
excellent mechanical properties.

Figure 4. The displacement and temperature variation curves of the M2 sample vs. time during the
two-step sintering process.

3.4. Microstructure of Composites

Figure 5 presents the microstructure of the sintered samples of four various compo-
sitions, all of which exhibit a uniform and dense microstructure. The pure MoSi2 sample
depicted in Figure 5a consists of a grey matrix phase, a white phase, and a nearly round
dark phase. Conversely, the Mo-Si-C system samples shown in Figure 5b–d contain, in ad-
dition to the grey matrix phase and some white phase, a significant quantity of black phases.
These black phases are characterized by irregular shapes and extensive agglomeration, the
causes of which will be discussed in detail below.

Figure 6 displays an enlarged view of the sample surface and corresponding EDS
results. On the basis of the EDS mapping data, it can be deducted that the grey phase
corresponds to the MoSi2 matrix. The white phase, characterized by a high Mo content and
low Si content, is likely Mo5Si3, while the darker phase, enriched in oxygen, corresponds to
SiO2. Due to the amorphous nature of SiO2, its diffraction peaks are not detected in XRD.
Its generation is related to the inevitable adsorption of oxygen on the powder surface in
treatment, and, thus, oxidation of the highly activated Si powder produces the SiO2 phase.
Furthermore, the reduction in the Si content in certain regions causes the creation of the
Mo5Si3 phase.

In the Mo-Si-C system samples (Figure 6b–d), besides the MoSi2 matrix and a small
amount of MoSiC phase, a considerable number of irregular black phases are observed,
primarily caused by the agglomeration of SiC particles. Since the melting point of Si is
1410 ◦C, the elevated sintering temperature and exothermic reactions during sintering
cause Si to reach its molten state, increasing its migration rate [41]. As C particles are much
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lighter, they transfer simultaneously with Si, leading to the agglomeration of SiC. Moreover,
as the C content in the sample increases, the surface morphology of the sintered sample
remains largely unchanged, but the proportion of SiC phase increases, with numerous
aggregates appearing. This process also mitigates the impact of the brittle SiO2 phase on
the mechanical properties of the MoSi2 matrix, as SiO2 at the grain boundaries is reduced
by C to form SiC.

Figure 5. The morphology images of sintered products: (a) M1; (b) M2; (c) M3; (d) M4.

Figure 6. Enlargement of surface topography and EDS mapping analyses of four samples: (a) M1;
(b) M2; (c) M3; (d) M4.

85



Metals 2025, 15, 144

3.5. Mechanical Properties

Figure 7 illustrates the Vickers hardness and fracture toughness data for four compos-
ite sets with varying C contents. It is evident that the presence of carbon in the samples,
which results in the generation of SiC as a second phase, significantly enhances both the
hardness and toughness of the MoSi2-SiC composites compared to pure MoSi2 materials.
As the proportion of SiC increases, the properties of the composites show further improve-
ment. A comparison between the M1 and M4 samples reveals that the hardness increases
from 12.1 GPa to 16.1 GPa, representing a 33% enhancement. This demonstrates that the
incorporation of SiC effectively raises the hardness of MoSi2-based composites. Although
it is generally expected that an increase in hardness would be associated with a decline in
the fracture toughness, the data indicate that the fracture toughness of the samples does
not follow this trend. In fact, it appears to increase. Specifically, the fracture toughness of
the M4 sample reaches 6.7 MPa·m1/2, which is 24% higher than the pure MoSi2 sample,
which exhibits a toughness of 5.4 MPa·m1/2 under similar preparation conditions.

Figure 7. Hardness (Hv) and indentation fracture toughness (KIC) of as-sintered composites versus
SiC content.

The trend of increasing fracture toughness in the composites is further analyzed
through a comparison of the crack extension paths observed in the four sets of samples.
The cracks and their propagation paths resulting from indentations on the surface of the
sintered samples are labeled in Figure 8. The crack pattern in the pure MoSi2 sample
is characterized by a relatively flat morphology, with crack bridging occurring during
crack extension and no significant deflection observed, as shown in Figure 8a. Crack
bridging generates resistance to crack propagation, requiring the crack to surmount a higher
energy barrier. In composite materials, cracks may exhibit bending or deflection when
encountering particles or phase interfaces, thereby increasing the total crack propagation
length [13,43]. In the M2 sample (Figure 8b), SiC exists as a second phase, and both crack
bridging and deflection are observed during crack extension. With an increase in the SiC
phase content, more phase interfaces are formed, causing cracks to propagate primarily
through SiC particles while undergoing deflection. This results in a more tortuous crack
path, as shown in Figure 8c,d. Both crack bridging and crack deflection mechanisms
play a vital part in increasing the toughness of the material, with their combined effects
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boosting the crack resistance of the composites and consequently decreasing the risk of
brittle fracture.

Figure 8. Crack propagation path of MoSi2 composites with various SiC contents: (a) M1; (b) M2;
(c) M3; (d) M4.

Figure 9 illustrates the fracture surface morphology of the sintered sample. Figure 9a
presents a typical brittle fracture characterized by a flat, relatively smooth surface with dis-
tinct river patterns and cleavage steps. Based on the uniform crack propagation observed
Figure 9a, it can be concluded that the fracture mode of the M1 sample is predominantly
transgranular, indicating that the sample has relatively poor toughness, which aligns with
the known properties of MoSi2 material. In Figure 9b, the introduction of the second-phase
SiC in the M2 sample results in plastic deformation, with the fracture surface appearing
uneven. Despite this, the fracture mode remains transgranular overall. With increasing
SiC contents, as depicted in Figure 9c,d, the fracture surfaces become noticeably irreg-
ular and exhibit an uneven morphology. This can be attributed to plastic deformation,
stretching, and slip occurring during the fracture process. The fracture surface reveals
distinct grain structures, and at this stage, the fracture mode transitions into a mixed
intergranular–transgranular fracture, with intergranular fracture being the dominant mech-
anism. Additionally, as the SiC content increases, a marked reduction in the grain size is
observed. This suggests that the SiC second phase plays a crucial role in refining the MoSi2
matrix, thereby improving the mechanical properties of the composite material.

Figure 10 displays the flexural strength of the pure MoSi2 and composites with various
SiC contents. The incorporation of SiC considerably enhances the flexural strength of the
samples. The flexural strength increases steadily with the SiC content, with the M4 samples
achieving a flexural strength of 496 MPa. This improvement is attributed to the synergistic
effects of the high densification degree, fracture behavior, microstructure, and finer grain
size of the composites.
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Figure 9. Fracture morphologies of MoSi2 composites with various SiC contents: (a) M1; (b) M2;
(c) M3; (d) M4.

Figure 10. Flexural strength of as-sintered composites versus SiC content.

3.6. Comparison of Mechanical Properties

The relative density, hardness, fracture toughness, and flexural strength of the sintered
samples corresponding to the four different compositions in this study are presented
in detail in Table 2. The performance data of the MoSi2-based composites produced by
different preparation methods and reinforcing phases in the literature are also quoted
and further compared with the M4 samples in this study. Compared with the MoSi2-SiC
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composites obtained by other preparation methods (e.g., microwave reaction sintering,
pressureless sintering, and hot press sintering) listed in the table, the M4 samples have
higher densities and superior mechanical properties. The fracture toughness or flexural
strength values of the individual cited samples are slightly higher than those of the M4
samples, but the data for other properties are much lower than those of the M4 samples. In
addition, the MoSi2-SiC composites in this study also exhibit superior mechanical properties
compared to MoSi2-based composites that introduce reinforcing phases other than SiC. It
can be concluded that the M4 samples synthesized by the two-step SPS method in this
study have better overall properties. Notably, the MoSi2-SiC composites demonstrated an
enhanced performance, particularly in terms of both the hardness and toughness, which
were simultaneously improved.

Table 2. Comparison of the mechanical properties of MoSi2-based composite materials prepared in
this study and the literature.

Sample Preparation Method
Relative

Density(%)

Vickers
Hardness

(GPa)

Fracture
Toughness
(MPa·m1/2)

Flexural
Strength

(MPa)
Reference

M1

SPS

99.6 12.1 5.4 387 -
M2 98.4 14.0 5.9 474 -
M3 98.3 14.8 6.3 491 -
M4 98.9 16.1 6.7 496 -

MoSi2-20vol%SiC Microwave
reaction sintering 91.5 7.86 8.17 251.29 [44]

MoSi2-SiC High-frequency induction
heated combustion 98 13.8 4.8 - [45]

MoSi2-10vol%SiC Pressureless sintering 93.1 8.843 5.5 274.5 [24]
MoSi2-SiC SPS 97.8 13.4 5.1 674 [41]

MoSi2-20vol%SiC Hot pressing 98 11.5 4.6 240 [46]
MoSi2–5vol%Al2O3 Vacuum hot-pressed sintering 96.5 11.14 4.53 435 [47]
MoSi2-40wt%Ti5Si3 SPS 99 10.9 5.11 - [48]

MoSi2-0.4MoB-0.1SiC Vacuum hot-pressed sintering 97.5 12.5 3.8 537 [49]

MoSi2-Si3N4
Pulsed current-activated

sintering 97 12 6 - [18]

3.7. Electrical Properties

The room temperature resistivities of the four groups of sintered samples are detailed
in Table 3, where the resistivity of the pure MoSi2 sample is 16.8 μΩ·cm. The resistivity
of the samples shows a gradual increase as the SiC content in the samples increases. The
resistivity of the composites is influenced by multiple factors, including the additive com-
position, porosity, grain size, and grain boundaries [50]. SiC, as a semiconductor, exhibits
a room temperature resistivity that can be varied over a wide range, typically between
103 and 1019 μΩ·cm for both single-crystal and polycrystalline forms [51]. However, the
resistivity of SiC is considerably higher than that of MoSi2 materials. Therefore, the intro-
duction of SiC as a second phase in the MoSi2 matrix leads to an increase in the resistivity
of the composite. In addition, as the proportion of the SiC phase increases, more phase
interfaces are generated between MoSi2 and SiC, which further increases the resistivity of
the composites. In conclusion, the resistivity of the MoSi2-SiC composites is theoretically
higher than that of the MoSi2 materials. The room temperature resistivities of the four
groups of samples in Table 3 also confirm the effect of the SiC content on the resistivity
of the composites. It is observed that the resistivity increases progressively as the molar
fraction of SiC increases. Thus, the resistivity of the MoSi2-SiC composites can be effectively
tuned by controlling the amount of SiC added.
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Table 3. Electrical resistivity versus SiC content.

Sample Number Electrical Resistivity (μΩ·cm)

M1 16.8
M2 18.9
M3 21.5
M4 23.3

4. Conclusions

MoSi2-SiC composites were successfully prepared from carbon-containing Mo powder
and Si powder by in situ synthesis, and the influence of various SiC contents on the
microstructure and mechanical properties of the composites were analyzed. The sintering
process involved a two-step treatment at 1200 ◦C and 1600 ◦C to ensure the formation
of uniform, dense, and high-performance composites. The incorporation of SiC as a
secondary phase into the MoSi2 matrix effectively enhanced the mechanical properties
of the composites. Among the samples, the MoSi2-26mol.%SiC composite demonstrated
the highest overall performance, exhibiting a relative density of 98.9%, a Vickers hardness
of 16.1 GPa, a fracture toughness of 6.7 MPa·m1/2, and a flexural strength of 496 MPa.
Additionally, the inclusion of SiC was observed to increase the electrical resistivity of the
MoSi2 material.
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Abstract: Mechanical properties and corrosion resistance of La2O3/A356 composites with
different contents of La2O3 were investigated by optical microscopy, X-ray diffractometry,
scanning electron microscopy, electrochemical tests, and immersion corrosion tests. The
results show that the addition of La2O3 refined the α-Al phase of the A356 matrix, and the
long stripe-like Si phase and β-Al5FeSi phase were transformed into short rod-like forms.
The La2O3/A356 composites with 1.0 wt.% La2O3 exhibited the most optimal mechanical
properties and corrosion resistance. The yield strength, ultimate tensile strength, and
elongation of La2O3/A356 composites with 1.0 wt.% La2O3 were higher than those of
the matrix. The results of electrochemical experiments and the immersion corrosion test
show that the corrosion potential of La2O3/A356 composites with 1.0 wt.% La2O3 was
72 mV higher than that of the matrix, the corrosion current density was 84.8% lower than
that of the matrix, and the impedance Z was improved by 59.1% compared to the matrix.
The addition of La2O3 improved the mechanical properties of the A356 matrix by refining
the grains, inhibiting the nucleation of eutectic Si, and promoting the twinning growth
mechanism. Moreover, the effect of La2O3 on the micro-galvanic corrosion behavior of
A356 was discussed.

Keywords: La2O3/A356 composites; mechanical properties; corrosion resistance; strengthening
mechanism

1. Introduction

Because of their high specific strength, good castability, and good corrosion resis-
tance, Al–Si alloys are often used in industrial manufacturing, electronics, aerospace, and
automotive industries [1–4]. Although the cost of using industrially produced, low-cost
cast Al–Si-based alloys to manufacture complex, thin-walled, and highly airtight parts is
relatively low, the resulting cast products often contain casting defects, such as porosity
and inclusions, which can reduce the mechanical properties of the alloy [5]. In addition,
Al–Si alloys can contain large α-Al grains and eutectic Si with long strips as well as lath-like
Fe phases during the production process, which are detrimental factors that reduce the
mechanical properties of the alloys, such as tensile resistance and elongation, as well as
corrosion resistance [6–8].

In recent years, in order to improve the mechanical properties and corrosion resistance
of Al–Si alloys, many researchers have improved the microstructure of alloys by introducing
rare earth modifiers and ceramic nanoparticles, such as Ce [9], Yb [10], TiB2 [11], TiC [12],
etc., to the alloys to achieve the improvement of the mechanical properties and corrosion
resistance of aluminum alloys. Arrabal et al. [13] found that the addition of Nd to A356
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alloy refined the eutectic Si and formed intermetallic compounds containing Nd, which
greatly improved the pitting corrosion resistance of the alloy, and the A356 alloy containing
Nd had a more refined microstructure. Jiang et al. [14] found that the addition of 0.2 wt.%
of rare earth elements greatly reduced the size of α-Al and eutectic Si of the as-cast A357
alloy and lowered the secondary dendrite arm spacing (SDAS) value, while its tensile
strength and elongation increased by 15.4% and 6.3%, respectively, compared to the matrix.
Wang [15] modified the A356 alloy by adding Sr. The results showed that the addition of Sr
reduced the size and aspect ratio of eutectic Si particles, and the addition of Sr exhibited
higher ductility compared to unmodified A356 alloy. Colombo et al. [16] showed that the
addition of 0.3 wt.% Er improved the morphology of eutectic Si and the volume fraction
of intermetallic compounds was low, which is favorable for improving the corrosion
resistance of A356 alloy. In addition to the incorporation of rare earth densifiers to improve
the mechanical and corrosion properties of alloys, many researchers have incorporated
ceramic nanoparticles to improve the properties of composites. Shin et al. [17] investigated
the refining effect of oxide nanoparticles on the organization of A356 alloy by adding
ZnO nanoparticles to the alloy, and the coarse primary aluminum dendritic organization
was transformed into a finer equiaxed organization, which improved the mechanical
properties of the A356 alloy. Shayan et al. [18] prepared AA 2024-xTiO2 (np) (x = 0, 0.5,
and 1 vol.%) nanocomposites by the stir casting method, and the experimental results
showed that the grain size and dendrite arm spacing of TiO2 nanoparticles with 1 vol.%
addition were reduced by about 66% and 31%, respectively. In addition, the hardness,
ultimate tensile strength, yield strength, and elongation were increased by 25%, 28%,
4%, and 163%, respectively, over the matrix material. Abdizadeh et al. [19] prepared
A356/ZrO2 composites with ZrO2 volume fractions of 5%, 10%, and 15%, respectively, and
the results showed that the fracture of all the specimens was due to inter-dendritic cracking
of the matrix alloy. In addition, the A356/ZrO2 composites prepared at 750 ◦C with a
ZrO2 content of 15% had the highest mechanical properties. Sajjadi et al. [20] produced
A356/Al2O3 nanometer and micrometer composites with different particle mass fractions
by both stir casting and composite casting processes. The experimental results showed
that the particles in the micro- and nano-composites are uniformly distributed with grain
refinement and low porosity. The incorporation of Al2O3 (micro and nano) increased the
yield strength, ultimate tensile strength, compressive strength, and hardness of the material.

However, researchers have mainly focused on the study of rare earth modifiers and
ceramic nanoparticles on the mechanical properties and corrosion resistance of aluminum
alloys, while the effect of rare earth oxides on the mechanical properties and corrosion
resistance of aluminum alloys has been studied very little, and the cost of rare earth oxides
is relatively inexpensive. Therefore, the development of high-performance rare earth
oxides-reinforced aluminum alloy to reduce cost is of great significance for industrial
production. In this paper, La2O3/A356 composites with different contents of La2O3 were
prepared by the high-energy ultrasonic stirring method, and the effects of La2O3 on the
mechanical properties and corrosion resistance of the A356 matrix were investigated.

2. Materials and Methods

2.1. Experimental Materials

A356 aluminum alloy has good strength and is easy to cast and process, and further
enhancement of its performance is an effective means to extend its application range. In this
paper, A356 aluminum alloy is selected as the matrix material, and its chemical composition
is shown in Table 1. The main chemical composition in A356 aluminum alloy is Al, Si, and
Mg, with small amounts of Zn, Fe, Cu, Mn, and other elements. Aluminum powder used in
the preparation of composites was ≥99% pure, with a particle size of 75–150 μm. The main
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reinforcing phase added to the composites was La2O3, with purity ≥ 99% and a particle
size of 500 nm–1 μm.

Table 1. Main chemical composition of A356 aluminum alloy (%).

Elements Si Mg Zn Fe Cu Mn Ti Al

(wt.%) 7.1749 0.4162 0.0716 0.0934 0.0036 0.0016 0.1010 Bal.

2.2. Preparation of A356-xLa2O3 Composites

Before the experiment started, the ball milling jar, aluminum powder, and La2O3

powder were dried. Then, the aluminum powder and La2O3 powder were weighed and
put into the ball milling jars at a ratio of 9 to 1. The ball material ratio was 9 to 1, and
1.0 wt.% stearic acid was added as a process control agent for ball milling to prevent the
occurrence of cold welding. The planetary ball mill was turned on in an argon atmosphere
at a rotational speed of 200 r/min for a running time of 2 h. Finally, the ball-milled powder
was cold pressed and shaped under a pressure of 500 MPa in a hydraulic press to obtain the
powder mixtures (Al-10 wt.% La2O3). In order to ensure the addition efficiency of the Al-
10 wt.% La2O3 powder mixtures, they were cut into small pieces, weighed to the expected
addition amount, and wrapped in aluminum foil. Subsequently, the graphite crucible
was preheated to about 400 ◦C in a pit-type resistance furnace; after that, the weighed
block of A356 aluminum alloy was put into the graphite crucible, and the temperature was
raised to 750 ◦C so that it was completely melted; then, the weighed Al-10 wt.% La2O3

prefabricated blocks were added to the inside of the alloy solution (the additions were set as
0.5 wt.%, 1.0 wt.%, 1.5 wt.%), stirred thoroughly, and held for 60 min to ensure its complete
melting. In order to improve the dispersion of its La2O3 in A356 alloy, it was ultrasonically
stirred using an ultrasonic process. After slagging, the alloy melt was ultrasonicated for
15 min using an ultrasonic frequency of 21 kHz and an ultrasonic power of 2.8 kW. After
the ultrasonic treatment, it was held to 750 ◦C for slag and gas removal, and finally, the
prepared mixed melt was poured into a metal mold that had been preheated to 200 ◦C. The
experimental flow chart is shown in Figure 1.

Figure 1. Experimental flow chart of A356-xLa2O3 composites.
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2.3. Microstructure Characterization

The specimens were corroded with 0.5 vol.% HF on the polished surface before
observation, and then, the microstructures and fracture surfaces of the specimens were
observed by optical microscopy (Nikon Eclipse MA200, Nikon Co., Ltd., Tokyo, Japan),
scanning electron microscopy (Quanta 200, FEI Metrology Co., Ltd., Hillsboro, OR, USA),
and EDS. Metallographic specimens that were prepared for optical microscopy were taken
for XRD analysis. The model of X-ray diffraction analyzer used in this paper was the
Bruker D-8 X-ray diffraction analyzer (Bruker Co., Ltd., Karlsruhe, Germany). The source
of radiation used for the test was Cu-Kα, the scanning range was 5–90◦, the measurement
step was set to 0.03◦, the scanning speed was 2◦/min, and the accelerating voltage was 36 kV.

In the specimen preparation process, a standardized tensile specimen bar was pro-
duced, and then the model SUNS UTM5105 electronic universal tensile testing machine
(Shenzhen Suns Technology Stock Co., Ltd., Shenzhen, China) was used for the different
tensile tests. The measured specimen at the beginning of the scale distance was 50 mm, and
the tensile rate was set to 1 mm/min; different tensile specimen bars were employed for the
selection of five specimens to reduce the error of the experiment. After the specimen bars
were pulled off the scale, the distance was measured using vernier calipers and recorded,
followed by the calculation of elongation and other parameters. The corresponding tensile
strength and elongation values were recorded, taking the corresponding average of each
group of data. The fracture areas of the specimen bars were cut into short bars of the same
length within 12 h, and the morphology was observed and analyzed by SEM to explore the
fracture mechanism of different specimens.

2.4. Electrochemical Experiments and Immersion Corrosion Tests

In this experiment, the potentiodynamic polarization (Tafel) curves were measured in
an electrolyte of 3.5 wt.% NaCl solution at a room temperature of 25 ◦C using Princeton
P4000 electrochemical workstation (Ametek Co., Ltd., Montvale, NJ, USA) test equipment
equipped with a flat-plate three-electrode electrolytic cell. The working electrode material
was a specimen with an exposed area of 1 cm2, the counter electrode material was a
platinum sheet, and the reference electrode was a saturated calomel electrode. To ensure
that a stable open-circuit potential was obtained, all the specimens were immersed in
3.5 wt.% NaCl solution for 10 min before the experiments. The scanning rate of the
polarization curve parameter was set to 1 mV/s, the scanning range was ±300 mV, and the
frequency scanning range of the impedance spectroscopy parameter was set to 0.01 Hz to
100 kHz, with an amplitude of 10 mV. The electrochemical experiments were performed
five times at room temperature for each group of samples.

Immersion corrosion experiments were conducted using inlay samples with only the
square bottom surface exposed, and all specimens were ground and polished against the
square bottom surface. All specimens were ultrasonically cleaned for 15 min using an
ethanol solution (95 wt.%) prior to the immersion experiments. After air-drying by a chiller,
the samples were placed in a beaker filled with 3.5 wt.% NaCl solution and immersed at a
room temperature of 25 ◦C for 15 days. After the immersion test, the corrosion products
were removed by using a mixed solution of 20 g/L CrO3 and 1.69 g/mL H3PO4 and finally
cleaned ultrasonically for 15 min using anhydrous ethanol, and the corrosion morphology
was observed and analyzed by using a scanning electron microscope.

3. Results

3.1. Microstructure

Figure 2 shows the optical microscopic microstructure of La2O3/A356 composites with
different La2O3 additions. As shown in Figure 2a, the main phases of the A356 matrix alloy
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include large-sized α-Al grains, long stripe-like eutectic Si phases, and lath-like β-Al5FeSi
phases. As shown in Figure 2b–d, when different contents of La2O3 are added, most of
the α-Al grain shapes are transformed into ellipsoids, the grain boundaries are gradually
sharpened, and most of the long stripe-like Si phases are transformed into short rod-like Si
phases and granular Si phases. It can be found that the metamorphic modification effect is
the best in La2O3/A356 composites with 1.0 wt.% La2O3. When the content of La2O3 in
La2O3/A356 composites is increased to 1.5 wt.%, a slight increase in the size of α-Al grains
is observed, while the short rod-like Si particles tend to aggregate and increase in size.

 

Figure 2. Microstructures of La2O3/A356 composites with different contents of La2O3: (a) 0.0 wt.%;
(b) 0.5 wt.%; (c) 1.0 wt.%; (d) 1.5 wt.%.

Figure 3 shows the backscattered SEM microstructure of La2O3/A356 composites
with different contents of La2O3 added. As shown in Figure 3a, the SEM image of A356
aluminum alloy mainly shows the white Chinese character-like phase pointed by the arrow
and a small amount of black phase inside the circle, and the corresponding Fe and Mg
elemental distribution maps are also given in Figure 3a, which can be observed in the
labeled places of the corresponding Fe and Mg elemental aggregates. Combined with the
XRD results in Figure 4 and the morphological analysis of the phases, it is hypothesized
that the white Chinese character-like phase is the α-Al8Fe2Si phase and the black phase
is the Mg2Si phase. From Figure 3b–d, a new bright white massive phase is observed
in the composites, and its aggregation is observed in the circle labeled corresponding to
the elemental distribution diagram of La. This La-rich rare earth phase exists around the
α-Al8Fe2Si phase, according to a related report [21], and may consist of phases such as
Al11La3, Al4La, and others. And, two bright white patches are observed in Figure 3c,
and a clear aggregation of La can also be found in the La elemental distribution diagram.
Combined with the Fe element distribution diagram, it can be found that the Fe phase is
uniformly distributed in the composites and covered by a bright white rare earth phase so
that the morphology is refined and improved. As shown in Figure 3d, it can be observed
that the size of the bright white phase becomes larger, with a predominance of massive
morphology, which produces a certain amount of agglomeration, and at the same time, the
Fe-rich phase also agglomerates into a large-size phase. Compared to Figure 3c, there is an
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excess of the second phase in the composites, which generates a greater number of rare
earth phases with larger sizes, which can lead to a decrease in the mechanical properties of
the composite.

 

Figure 3. Backscatter SEM image and EDS diagram of La2O3/A356 composites with different La2O3

contents: (a) 0.0 wt.%; (b) 0.5 wt.%; (c) 1.0 wt.%; (d) 1.5 wt.%.
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Figure 4. XRD analysis of La2O3/A356 composites with different La2O3 contents.

Figure 5a shows a high-magnification SEM image of La2O3/A356 composites with the
addition of 1.0 wt.% La2O3. Referring to the point-scan elemental analysis in Figure 5b,c, it
can be concluded that the short rod-like bright white phase is the La-rich rare earth phase
and the fishbone-like grayish white phase is the Fe-rich phase, and combined with the
atomic ratios, the Fe-rich phase can be inferred to be the α-Al8Fe2Si phase based on the
morphology. The figure illustrates that the La-rich rare earth phase has a good adsorption
property compared to the Fe-rich phase, which can better hinder the growth of the Fe
phase, while the small size of the La-rich phase can improve the mechanical properties of
the composite.

 

Figure 5. (a) High-rate SEM image of La2O3/A356 composites with 1.0 wt.% La2O3 added; (b) point-
scan image of point 1 in (a); (c) point-scan image of point 2 in (a).
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3.2. Mechanical Properties

It has been shown [22] that the ultimate tensile strength and elongation of Al-Si alloys
are mainly affected by the amount, morphology, and distribution of the second phase in the
alloy. The addition of rare earth elements can effectively refine the size of eutectic Si in the
alloy and improve its morphology, thus enhancing the mechanical properties of the alloy.
The engineering stress–strain curves and mechanical properties of La2O3/A356 composites
with different La2O3 contents are shown in Figure 6a,b. The engineering yield strength
(YS), ultimate tensile strength (UTS), and elongation (EL) are summarized in Table 2. The
results show that the addition of La2O3 increases the tensile strength, yield strength, and
elongation of La2O3/A356 composites. The reason for this enhancement effect is that the
morphology of eutectic Si in the composite changes from long stripe-like to short rod-like,
and the size of eutectic Si decreases. In addition, the size of the α-Al8Fe2Si phase is refined,
and the formation of the rare earth phase further strengthens the ultimate tensile strength of
the composite. The composite has the best mechanical properties when the La2O3 content is
1.0 wt.% and the yield strength, ultimate tensile strength, and elongation of the composite
further increase to 141.3 MPa, 192.4 MPa, and 5.3%, respectively. However, after increasing
the content of La2O3 to 1.5 wt.%, it is the excessive addition of La2O3 that produces the
agglomeration phenomenon, leading to the reduction of mechanical properties.

Figure 6. (a) Engineering stress–strain curves of A356-xLa2O3 composites; (b) mechanical properties
of A356-xLa2O3 composites.

Table 2. Mechanical properties of A356-xLa2O3 composites.

Specimen YS (MPa) UTS (MPa) EL (%)

A356 115.8 ± 3 162.1 ± 4 3.2 ± 0.2
A356-0.5wt.% La2O3 127.6 ± 4 178.4 ± 5 4.3 ± 0.3
A356-1.0wt.% La2O3 141.3 ± 4 192.4 ± 4 5.3 ± 0.3
A356-1.5wt.% La2O3 132.4 ± 3 186.2 ± 5 4.7 ± 0.3

3.3. Fracture Analysis

The fracture characteristics of La2O3/A356 composites with different La2O3 contents
are shown in Figure 7. From Figure 7a, it can be found that on the fracture of A356 alu-
minum alloy, there are large cleavage planes and fewer dimples, as well as some cracks,
and the whole shows obvious brittle fracture characteristics. When 0.5 wt.% La2O3 is
added to A356 alloy, the fracture surface is still distributed with many cleavage planes,
but some small dimples have appeared where the blue ellipse is marked, and the whole
fracture surface is still characterized by brittle fracture, but there is a tendency to transform
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into ductile fracture. When the addition of La2O3 is increased to 1.0 wt.%, the fracture
surface is distributed with a small size and a large number of dimples in the vast major-
ity of the area. There are still some cleavage planes distributed, but no obvious cracks
are observed, and the tendency of the fracture surface of La2O3/A356 composites to
change from brittle fracture to ductile fracture is further strengthened. Further addition of
1.5 wt.% La2O3 result in a rise in the number of cleavage planes on the fracture surface and
a significant expansion of the area, and obvious cracks are observed, making the brittle
fracture characteristics of the composites more apparent. The SEM results of the fracture of
the tensile specimens show that the addition of 1.0 wt.% La2O3 to the matrix material is
the most favorable for the mechanical properties of the composite in terms of the fracture
mode, whereas the excessive addition of La2O3 leads to a tendency for the composite
to fracture brittlely. These experimental results show that La2O3/A356 composites with
1.0 wt.% La2O3 possesses the best tensile properties.

 

Figure 7. Tensile fracture diagram of La2O3/A356 composites with different La2O3 contents:
(a) 0.0 wt.%; (b) 0.5 wt.%; (c) 1.0 wt.%; (d) 1.5 wt.%.

3.4. Corrosion Resistance Analysis

The Tafel polarization curves of La2O3/A356 composites with different contents of
La2O3 are shown in Figure 8, and at higher values of potential, it can be observed that the
anodic current is higher than the cathodic current, which suggests that the corrosion by
cathodic reaction plays a major role. It is also observed that the anodic and cathodic curves
of the polarization curves are gradually shifted to the left, and it can be concluded that the
addition of La2O3 reduces the corrosion rate. The corrosion data fitted by extrapolation
using Tafel polarization curves are shown in Table 3. It can be observed that the corrosion
potential of the composite increases and then decreases as the La2O3 content increases,
while the corrosion current density decreases and then increases. When 1.0 wt.% La2O3 is
added, the corrosion potential of the composite reaches the maximum value (−719.391 mV),
the corrosion current density reaches the minimum value (1.62 μA·cm−2), the corrosion
potential is 72mV higher than that of the matrix, and the corrosion current density is 84.8%
lower than that of the matrix, which has the best corrosion resistance.

101



Metals 2025, 15, 184

Figure 8. Polarization curves of La2O3/A356 composites with different La2O3 contents.

Table 3. Corrosion potential and corrosion current density of La2O3/A356 composites with different
La2O3 contents.

Specimen Ecorr (mVSCE) Icorr (μA·cm−2)

A356 −791.756 10.67
A356-0.5 wt.% La2O3 −738.535 5.69
A356-1.0 wt.% La2O3 −719.391 1.62
A356-1.5 wt.% La2O3 −755.786 7.69

Electrochemical impedance spectroscopy (EIS) was applied to study and analyze
La2O3/A356 composites with different contents of La2O3 added in 3.5 wt.% NaCl solution,
and the test results are shown in Figure 9. Similar capacitance loops are shown in the
Nyquist plots of the samples in Figure 9a, based on the facts that the different radii of
the capacitance loops between the samples are strongly correlated with the dissolution of
the metal during corrosion and the radii are correlated with the charge transfer resistance,
suggesting that the corrosion process is mainly governed by charge transfer [23]. The
difference in impedance between samples can be determined by comparing the size of
the capacitive loop radius [24]. Comparing the size of the loop radius in Figure 9a, it can
be concluded that in terms of impedance, A356 < A356-1.5 wt.% La2O3 < A356-0.5 wt.%
La2O3 < A356-1.0 wt.% La2O3, which indicates that La2O3/A356 composites with 1.0 wt.%
La2O3 have the best corrosion resistance.

The Bode phase plots and Bode magnitude of the tested composites are shown in
Figure 9b,c. From Figure 9b, it can be found that the impedance modulus |Z| shows a trend
of increasing and then decreasing with the increase of La2O3 content, and the impedance
modulus |Z| reaches the maximum value at the addition of 1.0 wt.% of La2O3. At the
same time, the larger the impedance modulus |Z| of the composite is in the low-frequency
region, the better the corrosion resistance is [25]. From the Bode amplitude plot in Figure 9c,
it can be seen that the mid-frequency phase angle becomes wider with increasing La2O3

content, and it is widest at 1.0 wt.% La2O3. The equivalent circuit used to fit the impedance
spectral curve is shown in Figure 9d, where Rs denotes the electrolyte resistance between
the working and reference electrodes, the value of which depends only on the conductivity
of the test medium (a 3.5 wt.% NaCl solution). Rp denotes the charge transfer resistance,
and CPE is the capacitance of the double electric layer at the interface between the metal
surface and the corrosive medium because of the inhomogeneity of the surface reaction
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of the composite. The relationship between the CPE impedance and frequency can be
expressed by the following equation [26]:

ZCPE =
1

T(i2πf) n (1)

where T is the CPE constant, f is the frequency, and the value of n ranges from 0 to 1.
When the CPE acts as a pure resistor, the value of n is 0, and when CPE acts as a pure
capacitor, n is 1. Furthermore, the value of impedance Z can be calculated by the following
equation [27]:

Z = RS + RP (2)

Figure 9. (a) Nyquist plots; (b,c) Bode plots; (d) equivalent circuit.

Impedance Z is a very important physical parameter; it is a physical quantity that acts
as a barrier to the current in a circuit. Because impedance Z is inversely proportional to
the corrosion rate and directly proportional to the corrosion resistance, impedance Z can
be used to measure the corrosion rate and the corrosion resistance of samples; the higher
the impedance value, the slower the corrosion rate, and the better the corrosion resistance.
The parameters of each device in the fitted equivalent circuit are listed in Table 4. From
Table 4, we know that the impedance Z value of La2O3/A356 composites is 8584.61 Ω·cm2,
and the Z value of A356 alloy after the addition of La2O3 is improved compared to the
matrix. Impedance Z is the largest (13,655.33 Ω·cm2) when adding 1.0 wt.% La2O3, which is
59.1% higher compared to the matrix A356, which indicates that the addition of La2O3 can
increase the impedance Z value of A356 alloy and improve the corrosion resistance of the
alloy, and La2O3/A356 composites with 1.0 wt.% La2O3 has the best corrosion resistance.
This indicates that the addition of La2O3 can increase the impedance Z value of A356
alloy and improve the corrosion resistance of the alloy, and the corrosion resistance of
La2O3/A356 composites with 1.0 wt.% La2O3 is the best.
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Table 4. Fitting parameter data obtained from the EIS data of A356-x La2O3 composites.

Specimen Rs (Ω·cm2) Rp (Ω·cm2)
CPE-T

(μF·sp·cm−2)
CPE-P Z (Ω·cm2)

A356 32.61 8552 3.0812 × 10−5 0.80882 8584.61
A356-0.5wt.%La2O3 26.03 8773 1.7974 × 10−5 0.83716 8799.03
A356-1.0wt.%La2O3 32.33 13,623 5.5691 × 10−6 0.84987 13,655.33
A356-1.5wt.%La2O3 26.71 8628 1.3624 × 10−5 0.82711 8654.71

Figure 10 shows the corrosion morphology of the A356 matrix and La2O3/A356
composites with 1.0 wt.% La2O3 after 15 days immersion in 3.5 wt.% NaCl solution. As
shown in Figure 10a, large corrosion pits are formed on the surface of the A356 matrix
without the addition of La2O3, and the surface area of the corrosion pits is large. However,
after the addition of 1.0 wt.% La2O3, there are only a few relatively small corrosion pits on
the surface of the composite, and the corrosion depth is shallow. The results show that the
addition of La2O3 can effectively improve the corrosion resistance of A356 aluminum alloy.

Figure 10. Corrosion morphology of A356 matrix and La2O3/A356 composites with 1.0 wt.% La2O3

addition in 3.5 wt.% NaCl solution for 15 days: (a) A356; (b) A356-1.0 wt.% La2O3.

4. Discussion

Since oxides usually have good stability, reference is made to the rules for the Al
and oxide reaction system [28–31], as well as for the Al and rare earth oxide system
(4Al + 3CeO2→2Al2O3 + 3Ce, 2Al + Y2O3 = Al2O3 + 2Y) [32,33], which generally require
excitation at high temperatures for this reaction to occur. In addition, in Zhou et al.’s
study [34], with high energy input, Al and La2O3 occur to form Al2O3 and Al11La3. In this
experiment, ball milling and ultrasonic vibration are used to prepare composite materials,
and ultrasonic vibration introduced into the melt produces a transient high temperature
that can reach 10,000 K [35]. Based on the above reports as well as the experimental results,
under high energy and high temperature generated by ball milling and ultrasonic vibration,
Al and La2O3 react to form Al2O3 and Al11La3 (28Al + 3La2O3→3Al2O3 + 2Al11La3) [34].

The addition of La2O3 can improve the mechanical properties of A356 aluminum
alloy; its main strengthening mechanisms are grain refinement and the second phase
strengthening. The presence of the Al11La3 phase can significantly refine the α-Al grains,
and grain refinement produces more grain boundaries, and the greater the number of grain
boundaries, the greater the hindrance to the movement of dislocations, which makes the
composite’s resistance to deformation improved. However, the addition of excess La2O3
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leads to the aggregation of rare earth phases into a coarser second phase, which reduces
the strength of the composite.

Although the addition of rare earth elements can inhibit the nucleation of eutectic Si, it
still cannot change the eutectic Si from long stripe-like to fibers or short rod-like forms [36].
Therefore, other metamorphic mechanisms exist to refine eutectic Si, among which the
impurity-induced twin growth mechanism (IIT mechanism) is one of the mechanisms often
used to explain the formation of twins in eutectic Si. According to the IIT mechanism [37],
the ratio of the atomic radii of the metastable atoms to those of the Si atoms is 1.646, which
induces the production of twins, whereas the ratio of the atomic radii of La to those of Si is
1.59, which is very close to this value, suggesting that the incorporation of La2O3 promotes
the formation of twins. By adsorbing on the {111} surface of Si, the La atoms make the
eutectic Si produce twin branches in different directions, and the La atoms continue to
adsorb on the interface of the twins and finally make the eutectic Si change from long
stripe-like to fibers and short rod-like forms; the eutectic Si is refined, and the mechanical
properties of the composites are improved.

The microstructure of the composites is an important factor that affects their corrosion
resistance [38]. A356 aluminum alloy matrix organization yields a coarse eutectic Si phase
and β-Al5FeSi phase, and its surface potential is higher than α-Al. So, in the corrosion
process, it acts as the cathodic phase to form a more serious micro-galvanic corrosion. As
shown in Figure 11a, the anodic reaction is the dissolution of Al, with the loss of three
electrons to form Al3+, which reacts as follows [39,40]:

Al → Al3+ + 3e− (3)

 

Figure 11. Corrosion mechanism diagram of A356 matrix and La2O3/A356 composites with 1.0 wt.%
La2O3.

Oxygen reduction reaction occurs at the cathode because of NaCl in the corrosive
environment, where Cl− and H2O are mainly present in the corrosive medium:

O2 + 2H2O + 4e− → 4OH− (4)

In environments where there is less oxygen in the corrosion pits, a water reduction
reaction occurs:

2H2O + 2e− → H2 ↑ + 2OH− (5)

The overall response is as follows:

2Al + 6H2O → 2Al(OH)3 ↓ + 3H2 ↑ (6)
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The second phase in the composite acts as the cathodic phase to gain electrons and
reacts with the α-Al phase in a corrosive reaction to form an Al(OH)3 precipitate, which is
converted to Al2O3 in a subsequent reaction:

2Al(OH)3 → Al2O3 + 3H2O (7)

The main second phase in A356 aluminum alloy is the Si phase, which is large in
number and coarse in size and acts as the main cathodic phase to form micro-galvanic
corrosion with the nearby α-Al phase, while the Fe-rich phase, which has a higher surface
potential, is also used as the cathodic phase during the corrosion process to promote the
corrosion reaction, although its content is less. The anode α-Al gradually dissolves with the
corrosion reaction, and after a certain time of corrosion occurrence, the exposed cathodic
phase falls off to form corrosion holes. While adding La2O3 to A356 aluminum alloy,
the rare earth phase itself is also higher than the surface potential of α-Al [41], which
can be used as the cathodic phase, which increases the number of cathodic phases and
promotes the corrosion of A356 matrix. The optimal addition of 1.0 wt.% La2O3 effectively
refines the α-Al grains as well as the size of eutectic Si and improves the morphology. The
mechanistic diagram of the corrosion reaction is shown in Figure 11b. The eutectic Si phase
and the Fe-rich phase are still the main cathodic phases, but the corrosion primary cell
that can be formed by the refined cathodic phase and the anodic phase becomes smaller,
the microcurrent that passes through it is smaller, and the ratio of the cathodic area to the
anodic area decreases, which results in a decrease in the corrosion current density. As a
result, it has improved corrosion resistance.

5. Conclusions

In this paper, the mechanical properties and corrosion resistance of La2O3/A356
composites with different contents of La2O3 are investigated, and the main conclusions are
as follows:

(1) The addition of La2O3 refines the α-Al phase of the A356 matrix, and the long stripe-
like Si and β-Al5FeSi phases are transformed into short rod-like particles. Concur-
rently, the rare earth-reinforced phase Al11La3 was generated. The metamorphic
effects of La2O3/A356 composites with 1.0 wt.% La2O3 were the best at this time.

(2) The addition of different contents of La2O3 improved the mechanical properties of
the A356 matrix to some extent. The yield strength, ultimate tensile strength, and
elongation of La2O3/A356 composites with 1.0 wt.% La2O3 were best. The addition
of La2O3 made the A356 matrix have a tendency to shift from brittle fracture to ductile
fracture, and the shift to ductile fracture was most obvious when the addition amount
was 1.0 wt.%.

(3) With the addition of La2O3 to the A356 matrix, the cathodic phases (eutectic Si phase
and β-Al5FeSi phase) in the microcells were refined, reducing the corrosion rate in the
cathodic region. The corrosion potential (−719.391 mV) of La2O3/A356 composites
with 1.0 wt.% La2O3 was 72 mV higher than that of the matrix (−791.756 mV), the
corrosion current density (1.62 μA·cm−2) was 84.8% lower than that of the matrix
(10.67 μA·cm−2), and the impedance Z (13,655.33 Ω·cm2) was 59.1% higher than that
of the matrix (8584.61 Ω·cm2) and had the best corrosion resistance.
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Abstract: AlCrFeNi-based high-entropy alloys (HEAs) have emerged as a prominent
research system, attracting significant interest due to their compositional diversity and
the tunability of their phase structures. However, in practical applications, single-phase
AlCrFeNi-based HEAs often face a trade-off between toughness and strength. Therefore,
designing multi-phase composite eutectic high-entropy alloys (EHEAs) to optimize their
mechanical properties and microstructure has become a key research focus. Si, a common
non-metallic element, plays a significant role in strengthening metal materials. In this
paper, AlCrFeNi with Si doping strengthening (AlCrFeNi)100-xSix composite EHEAs were
successfully fabricated. A systematic analysis was conducted to investigate the impacts of
Si doping on the microstructure and mechanical properties of AlCrFeNi-based composite
EHEAs. This study shows that with increasing Si content, the biphasic lamellar composite
structure at the grain boundaries gradually expands, forming flower petals. The precipitate
structure within the grains evolves into flower disks, which form a sunflower-like composite
structure in the alloy. The volume fraction of lamellar structures increases in the petals,
accompanied by grain refinement. Furthermore, the yield strength of the alloy increases
from 1131 MPa to 1360 MPa with increasing Si content. This provides guidance for the
design of high-performance composite EHEAs.

Keywords: composite eutectic high-entropy alloys; Si doping; mechanical properties;
composite structure

1. Introduction

High-entropy alloys (HEAs) contain multiple principal elements in significant pro-
portions, with their concentrations evenly distributed, resulting in a significantly higher
configurational entropy [1]. This high entropy helps suppress grain boundary formation
and enhances the stability of the alloy [2–4]. Moreover, due to the unique multi-principal-
element composition, HEAs exhibit more complex phase stability and microstructural
characteristics [4–8]. For instance, traditional alloys are generally composed of a single ele-
ment (iron, aluminum, or copper), and properties are enhanced by adding small amounts
of alloying elements [9]. In contrast, HEAs form simple solid-solution phases (such as
body-centered cubic (BCC) or face-centered cubic (FCC) phases) under the influence of
high-entropy effects. This solid-solution structure is responsible for the superior mechanical
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properties of HEAs, high strength [10–13], excellent high-temperature property [14–19],
and outstanding corrosion resistance [20,21]. However, single-phase HEAs often strug-
gle to achieve a balance between strength and toughness. Therefore, designing high-
performance multi-phase composite HEAs has become both a key focus and a challenge in
materials science.

AlCrFeNi-based HEAs, a prevalent research system, have attracted significant atten-
tion due to their compositional diversity and the tunability of their phase structures. This
system typically exhibits simple solid-solution phases such as BCC or FCC, which are
closely related to the high-entropy effect and sluggish diffusion [22]. However, single-
phase AlCrFeNi-based HEAs encounter difficulties in balancing strength and toughness.
Therefore, the design of AlCrFeNi-based HEAs with multi-phase composite structures
has become a key area of research. EHEAs, due to the formation of a regular eutectic
structure during solidification, allow for a uniform distribution of different phases at
the microscale, thereby significantly enhancing the material’s strength, toughness, and
stability [23]. The ordered BCC structure, known as the B2 phase, effectively enhances
the alloy hardness through solid-solution strengthening [24]. In contrast, the disordered
BCC structure, known as the A2 phase, contributes to the alloy’s excellent plasticity [25],
improving its ductility. Among multi-phase composite structures, the B2/A2 dual-phase
system has attracted considerable interest due to its favorable balance of strength and
toughness [26]. The AlCrFeNi-based HEA system, with its complex interactions among
the constituent elements, provides a strong foundation for designing B2/A2 dual-phase
eutectic structures. Si, a commonly used non-metallic element, plays a crucial role in
strengthening metal materials. The addition of Si not only improves the stability of the
B2 phase but also refines the eutectic microstructure and enhances the interface bonding
strength, thus improving both the strength and ductility of the material [27]. The atomic
radius of Si significantly affects the crystal structure, phase composition, and microstructure
of the alloy. In Al0.3CoCrFeNi HEAs, increasing Si content causes a transformation of
the alloy microstructure from a single FCC phase to a mixed FCC + BCC phase [28]. Our
previous studies have shown that Si doping in various HEA systems can significantly
alter their phase structures and properties [29]. In CoCrFeNi-based HEAs, an optimal
Si content enhances the formation of the BCC phase, thereby improving both the hard-
ness and corrosion resistance of the material [29,30]. However, the specific effects of Si
doping at different concentrations on AlCrFeNi-based dual-phase composite eutectic high-
entropy alloys (EHEAs) are not yet fully understood, especially concerning systematic
studies on crystal structure, microstructure, and mechanical properties, which are still
relatively limited.

In the (AlCrFeNi)100-xSix dual-phase composite EHEA system, varying Si contents
may induce complex microstructural evolutions [31], including changes in the stability
of the solid-solution phase, the formation and distribution of precipitates, and grain size
variation. These microstructural changes directly affect the strength, hardness, plasticity,
and fracture toughness. Therefore, a systematic study of the effects of Si doping on
the microstructure and mechanical properties of AlCrFeNi-based dual-phase composite
EHEAs is essential for elucidating the inherent relationship between composition and
microstructure in multi-principal–element systems.

2. Experimental Materials and Methods

2.1. Alloy Preparation

The (AlCrFeNi)100-xSix (x = 0, 1, 2, 3, denoted as AlSi0, AlSi1, AlSi2, AlSi3) composite
EHEAs were prepared using vacuum induction melting. The raw materials included Al,
Cr, Fe, Ni, and Si (purity > 99.95 wt.%). The alloy ingots were subjected to melting in a
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vacuum induction furnace under an argon atmosphere. Each ingot was remelted at least
six times to ensure a uniform component in the resulting alloy ingots.

2.2. Material Characterization and Testing

X-ray diffraction (XRD) was performed using a D/max-2500/PCX X-ray diffractometer
with a Cu target. The operating conditions were set to a voltage of 40 KV and a current
of 200 mA. The scan rate was 4◦/min, and the X-ray wavelength was 1.54056 Å. The
microstructure of the alloy samples was observed using the Hitachi S-3400 tungsten filament
SEM. The energy dispersive X-ray spectroscopy (EDS) attached to the SEM was used for
phase composition analysis. The microstructural analysis at the nanoscale was conducted
using a Talos F200X transmission electron microscope (TEM). Mechanical properties were
tested using an INSTRON-5982 universal testing machine to evaluate the room-temperature
compression behavior of the alloys. The strain rate during the compression tests was set to 5
× 10−4 s−1, and the elongation of the sample during the compression was measured using
an extensometer. At least three tests were conducted for each alloy to ensure data accuracy.
Vickers hardness was measured using a FM-ARS 9000 automatic Vickers hardness tester,
with a loading force of 1.96133 N and a hold time of 10 s. Each sample had 10 points
measured, and the average was taken as the hardness value. Nano-hardness testing of
the dendritic region in the alloy microstructure was conducted using a TriboIndenter
Ti-900 nanoindentation system (Hysitron, Minneapolis, MN, US). The instrument has a
load range of 1 μN to 10 mN, with a maximum indentation depth of 20 μm, a displacement
resolution of 0.0002 nm, and a thermal drift of less than 0.05 nm/s. The drive-loading
mode used in this study was the constant loading rate mode, with both the loading and
unloading rates set at 1000 μN/s, and the loading time was 8 s. To minimize experimental
errors, 20 points were tested for each phase of the sample, and the average value was taken
as the nano-hardness for that phase.

3. Results and Discussion

3.1. Phase and Microstructure

Figure 1 shows the XRD patterns of (AlCrFeNi)100-xSix (x = 0, 1, 2, and 3) composite
EHEAs with varying Si contents. The results reveal diffraction peaks corresponding to both
the B2 and A2 crystal structures in all the alloys. Overlapping peaks are observed in the
XRD patterns, suggesting that the ordered Ni-Al (B2) phase and the disordered Fe-Cr (A2)
phase have similar crystal structures. According to previous studies, this phenomenon
can be attributed to spinodal decomposition [32,33]. The content of B2 phase in the alloy
can be characterized by the characteristic peak at (100). As demonstrated in Figure 1b,
the intensity of the (100) diffraction peak increases with the addition of Si, while shifting
toward smaller angles. This suggests that the large atomic radius mismatch between Si
and other elements in the AlCrFeNi HEAs cause lattice distortion, leading to changes in
the diffraction angle. Additionally, the increase in the lattice constant of the B2 phase in
AlCrFeNi HEAs due to Si addition is also evident. Therefore, the doping of Si increases the
B2 phase content in the AlCrFeNi HEAs, indicating that as the Si content increases, the B2
unit cell volume also expands. The lattice parameters and microstrain of the A2 and B2
phases of the AlSi alloy were estimated based on the position of the diffraction peaks, and
the results are shown in Table 1.
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Figure 1. The as-cast (AlCrFeNi)100-xSix composite EHEAs. (a) XRD patterns, (b) magnified view of
the (100) diffraction peak.

Table 1. The lattice parameters and micro-strain of the A2 and B2 phases of the AlSi alloy.

Alloys

Lattice Constant
(Å)

Micro-Strain
(%)

A2 B2 A2 B2

AlSi0 2.888 ± 0.005 2.9990 ± 0.005 0.197 ± 0.0367 0.186 ± 0.0353
AlSi1 2.889 ± 0.005 2.989 ± 0.005 0.196 ± 0.0382 0.181 ± 0.0365
AlSi2 2.887 ± 0.005 2.998 ± 0.005 0.192 ± 0.0325 0.152 ± 0.0320
AlSi3 2.887 ± 0.005 2.998 ± 0.005 0.220 ± 0.0302 0.214 ± 0.0302

Figure 2 presents the SEM images of the as-cast (AlCrFeNi)100-xSix (x = 0, 1, 2, 3)
composite EHEAs. In Figure 2a, the AlSi0 alloy exhibits a nearly identical lamellar eutectic
structure. The high-magnification SEM image of the alloy, shown in Figure 2b, reveals
dense lamellae near the grain boundaries. A substantial quantity of rod-shaped lamellar
precipitates, distributed uniformly throughout the alloy, is evident. An XRD analysis
indicates that these rod-shaped precipitates correspond to the B2 structure, while the
matrix consists of BCC phases. Furthermore, it is evident that with an increase in Si content,
the lamellar structure at the grain boundaries expands. As shown in Figure 2a,e,g, the grain
size of the AlSi2 and AlSi3 alloys is smaller than that of the AlSi0 alloy.

To analyze the distribution of the B2 phase and the Cr-Fe-rich A2 phase in the grains,
SEM-EDS surface analyses were conducted on the AlSi1 and AlSi3 alloys. As shown
in Figures 3 and 4, the lamellar composite structure at the grain boundaries consists of
alternating layers of the B2 phase enriched in Al-Ni and the A2 phase enriched in Cr-Fe. In
the flower disk structure of Figure 4, there are particle-like Cr-Ni-rich phases surrounded
by Al-Ni-rich phases. Comparing the grains in Figures 3 and 4, it can be observed that
with increasing Si content, the B2 lamellar structure enlarges as the grain boundary regions
expand, which is consistent with the shift in the (100) diffraction peak of the B2 phase to
smaller angles. In the AlSi1 alloy, the distribution of elements at the grain boundaries is
uniform, with no distinct B2 or A2 phases. In the AlSi3 alloy, a well-defined alternation of
the A2 and B2 phases is observed in both the grains and the grain boundaries. The central
particles and the petal-shaped lamellae radiating outward from the center are Cr-Fe-rich
A2 phases, while the other parts of the center and the non-radiating lamellae are B2 phases.
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Moreover, the volume fraction of lamellar structures at the grain boundaries increases,
leading to an overall increase in the grain boundary regions with higher Si content. This
corresponds to an increase in the B2 phase content, which aligns with the XRD phase
analysis results.

 

Figure 2. SEM images of the as-cast (AlCrFeNi)100-xSix composite EHEAs. (a,b) AlSi0, (c,d) AlSi1,
(e,f) AlSi2, (g,h) AlSi3.

 

Figure 3. SEM images and EDS elemental maps of the as-cast AlSi1 alloy.
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Figure 4. SEM images and EDS elemental maps of the as-cast AlSi3 alloy.

The Si element is primarily distributed around the B2 particles at the grain boundaries.
Therefore, the addition of Si in AlCrFeNi HEAs promotes precipitation of the B2 phase
at these boundaries, which is consistent with the increase in the intensity of the (100)
diffraction peak. The expansion of the lamellar composite structure at the grain boundaries,
along with the reduction in grain size and its tendency to become more rounded, ultimately
leads to the formation of a sunflower-like composite structure (as shown in Figure 2f,h).
The petal-like lamellar composite structure radiates outward from the central disc region,
while sunflower-seed-like precipitates are uniformly distributed within the central disc.
According to the literature, the formation of such structures can be attributed to the spinodal
decomposition process [32,33], where the A2 and B2 phases grow in a lamellar form from
the boundaries perpendicular to the previously precipitated phase after grain formation.

To further analyze and identify the microstructure, phase composition, and element
distribution of the alloy, a TEM analysis was performed on the AlSi3 alloy as an example.
Figure 5 shows the TEM images of the sunflower structure in the AlSi3 alloy and the
corresponding selected area electron diffraction (SAED) patterns. Figure 5a presents a
low-magnification TEM bright-field image, revealing that the alloy structure consists of
two regions: the sunflower-like disk and petal regions. Figure 5b shows a high-angle
annular dark-field (HAADF) TEM image at the boundary between the sunflower disk
and petal regions. The alternating light and dark bands in the petal region indicate that
adjacent lamellae have different phase structures. A considerable quantity of submicron-
sized sunflower seed-like particles are precipitated in the sunflower disk region. Figure 5c
shows a high-magnification image of rod-shaped precipitates in the petal region, showing
a significant number of nanoscale precipitates of the B2 phase on the A2 phase lamellae.
Figure 5d is a high-magnification TEM image of the petal region, and Figure 5e–h present
the SAED patterns along the crystal zone axis. In Figure 5a, the light gray region in the
sunflower disk separates all the elliptical grains. The enlarged view in Figure 5b shows
that the disk region contains spherical or elliptical-shaped precipitates, while the rod-
shaped precipitates in the petal region alternate. Figure 5d provides an enlarged view of
the rod-shaped precipitates in the petal region. A diffraction analysis confirms that the
grains in the sunflower disk region correspond to the A2 phases (Figure 5e), while the rest
are characterized by the B2 phases (Figure 5f). The compositions of adjacent rod-shaped
precipitates in the petal region differ, with the diffraction spots in Figure 5g,h showing that
these rod-shaped precipitates are the B2 and A2 phases, respectively.
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Figure 5. TEM images of the as-cast AlSi3 alloy: (a) low-magnification image, (b) high-magnification
image of the boundary between the flower disk and petal regions, (c) high-magnification image of
the nanometer-sized precipitates within the rod-shaped precipitates in the petal region, (d) high-
magnification image of the boundary of the rod-shaped precipitates in the petal region, (e–h) SAED
patterns from the corresponding regions.

The TEM-EDS elemental analysis was conducted on the region shown in Figure 5b,
and the resulting elemental distribution map is presented in Figure 6. The analysis reveals
that the two phases are enriched in different elements: the bright A2 phase is rich in Fe and
Cr, while the darker B2 phase is primarily composed of Ni and Al. Both phases contain Si,
but the Si content is notably higher in the B2 phase than in the A2 phase.

 

Figure 6. HAADF image and EDS elemental maps of the as-cast AlSi3 alloy.
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3.2. Mechanical Properties
3.2.1. Compression Properties and Vickers Hardness of (AlCrFeNi)100-xSix
Composite EHEAs

Figure 7a shows the compression stress–strain curves for the as-cast (AlCrFeNi)100-
xSix composite EHEAs with varying Si content. As illustrated, compared to the
AlSi0 alloy, the other three alloys exhibit minimal changes in plasticity and toughness
but show a significant increase in yield strength (YS). Notably, the YS of the AlSi3 alloy
reaches 1360 MPa.

Figure 7. (a) Compression curves of the as-cast (AlCrFeNi)100-xSix composite EHEAs, (b) variation
trends of hardness (HV) and YS (σy) as a function of the Si content (x).

Figure 7b illustrates the variation in Vickers hardness (HV) and YS (σy) with respect
to the Si content (x) in the as-cast (AlCrFeNi)100-xSix composite EHEAs. It is evident that
both HV and YS follow a similar increasing trend with increasing Si content. From the
AlSi0 to AlSi3 alloys, HV and YS show a steady rise. Specifically, there is a sharp increase
from AlSi0 to AlSi1, a moderate increase from AlSi1 to AlSi2, and a more pronounced
increase from AlSi2 to AlSi3. These four alloys can be divided into two groups: one group
includes AlSi0 and AlSi1, while the other consists of AlSi2 and AlSi3. The most salient
structural characteristic of the latter group is the presence of a substantial quantity of
sunflower composite eutectic structures. This suggests that the addition of an appropriate
amount of Si in the (AlCrFeNi)100-xSix composite EHEAs system promotes the formation
of sunflower composite structures, which significantly enhance the mechanical properties.
Previous studies on sunflower composite structures have also indicated their positive effect
on improving the compressive properties of alloys [34].

Table 2 summarizes the mechanical properties of the four alloys. The compression
test results show that the YS of the AlSi0, AlSi1, AlSi2, and AlSi3 alloys are 1131 MPa, 1241
MPa, 1272 MPa, and 1360 MPa, respectively. The alloys fracture strengths are 3135 MPa,
3259 MPa, 3261 MPa, and 3019 MPa, with corresponding fracture strain values of 35.6%,
33.3%, 33.8%, and 34.3%, respectively. The HV values of these four alloys range from 445
HV to 469 HV (445 HV, 460 HV, 461 HV, and 469 HV, respectively). Overall, the AlSi3 alloy
exhibits superior mechanical properties.

Table 2. Mechanical properties of the as-cast (AlCrFeNi)100-xSix composite EHEAs.

Alloys
Vickers

Hardness (HV)
Yield Strength

σy (MPa)
Fracture Strength

σf (MPa)
Fracture Strain

εf (%)

AlSi0 445 ± 3 1131 ± 11 3135 ± 21 35.6 ± 0.3
AlSi1 460 ± 2 1241 ± 16 3259 ± 25 33.3 ± 0.7
AlSi2 461 ± 5 1272 ± 15 3261 ± 24 42.3 ± 0.5
AlSi3 469 ± 3 1360 ± 13 3019 ± 27 46.5 ± 0.2
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3.2.2. Nanoindentation Testing of (AlCrFeNi)100-xSix Composite EHEAs

To further investigate the micro-mechanical properties of different regions in the as-
cast (AlCrFeNi)100-xSix composite EHEAs, nanoindentation tests were performed on both
the grain boundary (petal) and the grain interior (flower disk) of each alloy. To ensure
accuracy, 20 indents were made in each phase, and the average value was taken as the
nano-hardness for that phase. The results of these tests are shown in Figure 8 and Table 3.
Figure 8a,b show typical nanoindentation load–displacement curves for the grain interior
and grain boundary regions of the as-cast (AlCrFeNi)100-xSix (x = 0, 1, 2, 3) composite
EHEAs. It is clear that the hardness values of the grain interior and grain boundary regions
of the AlSi3 alloy are the highest, measuring 7.06 GPa and 8.10 GPa, respectively. The
hardness values of the AlSi2 alloy are close to those of AlSi3, with hardness values of
8.02 GPa and 6.92 GPa at the grain boundary and grain interior, respectively. The hard-
ness values at the grain boundary of AlSi0 and AlSi1 alloys are nearly identical, at
7.26 GPa and 7.25 GPa, whereas their hardness values in the grain interior are 6.73 GPa and
6.45 GPa, respectively. Figure 8c shows the atomic force microscope (AFM) image used
to identify suitable locations for indentation on the alloy surface, in conjunction with the
nano-indenter. The positions of the sunflower disk and petal regions were determined
from the AFM image for indentation testing.

 

Figure 8. Nanoindentation load–displacement curves of the as-cast (AlCrFeNi)100-xSix (x = 0, 1, 2, 3)
composite EHEAs for (a) the DR region and (b) the ID region. (c) Atomic force microscopy image
showing the selected indentation points in the flower disk and petal regions.

Table 3. Nanoindentation test results of the as-cast (AlCrFeNi)100-xSix (x = 0, 1, 2, 3) composite
EHEAs for the crystal interior and grain boundary regions.

Alloys
Hc (GPa)

DR Region ID Region

AlSi0 6.73 ± 0.12 7.26 ± 0.15
AlSi1 6.45 ± 0.13 7.25 ± 0.11
AlSi2 6.92 ± 0.11 8.02 ± 0.13
AlSi3 7.06 ± 0.09 8.10 ± 0.12
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Figure 9 shows the trend of hardness values in the grain interior and grain boundary
regions of the experimental alloys as a function of Si content. The results indicate that the
hardness in the grain boundary regions is higher than in the grain interior regions for all
four alloys. This can be attributed to the addition of Si, which causes a significant amount
of lamellar B2 phase precipitation at the grain boundaries, thereby enhancing hardness
through a precipitation strengthening effect. Additionally, Figure 9 indicates a significant
increase in hardness for both regions when x = 2. This substantial hardness increase occurs
just after the formation of the sunflower composite structure. The sunflower composite
structure refines the microstructure of the alloy, leading to higher hardness values for the
AlSi2 and AlSi3 alloys compared to AlSi0 and AlSi1.

 
Figure 9. Line graph showing the variation trends of hardness values in the crystal interior and grain
boundary regions of the as-cast (AlCrFeNi)100-xSix (x = 0, 1, 2, 3) composite EHEAs as a function
of x.

3.3. Strengthening Mechanisms of (AlCrFeNi)100-xSix Composite EHEAs

It is assumed here that precipitation strengthening induced by uniformly distributed,
ordered B2 precipitate phases enhances the YS of as-cast (AlCrFeNi)100-xSix compos-
ite EHEAs. Previous studies have shown [35,36] that precipitation strengthening of the
solid-solution matrix can occur through either the Orowan dispersion mechanism or the
dislocation shear mechanism, with the effectiveness of the Orowan mechanism relying
on the interaction between moving dislocations and the precipitate phase. Typically, the
dominance of the shear mechanism and the Orowan mechanism is governed by the size
of the precipitates and their compatibility with the matrix, respectively [37]. In AlSi2 and
AlSi3 alloys with graded B2 precipitates embedded in an A2 matrix, the shear mecha-
nism prevails in the nanoscale B2 precipitates, while the Orowan dispersion mechanism
dominates in the submicron B2 precipitates.

The enhancement in YS from the precipitation shear mechanism in nanoscale precipi-
tates is attributed to three factors: coherency strengthening (ΔσCS), modulus strengthening
(ΔσMS), and ordering strengthening (ΔσOS). The classical equations for calculating their
contributions are given in [36,38]:

ΔσCS = Mαε(Gεc)
3
2

(
rf

0.5Gb

) 1
2

(1)
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ΔσMS = 0.0055M(ΔG)
3
2
( r

b

) 3m
2 −1

(2)

ΔσOS = 0.81M
(
γapb

2b

)(
3πf
8

) 1
2

(3)

In the equation, M = 2.73 (M is the Taylor factor [36]). αε = 2.6 [39]. εc is the lattice
misfit under constraint, defined as εc = 2ε/3. The expression ε = Δα/α = 0.0038 is utilized
to represent the misfit between the matrix and the precipitate phase [40]. b is the mag-
nitude of the Burgers vector, which is expressed as 3α/2. R denotes the average radius
of the nanoscale B2 precipitates, measured at 11 nm. F represents the volume fraction
of the nanoscale precipitates [41], which is 15.8%. The shear modulus G (using α-Fe) is
83 GPa, while ΔG denotes the shear modulus mismatch between the A2 matrix and the
B2 precipitates, valued at 3 GPa (for the B2-NiAl phase, G = 80 GPa) [42]. It has been
established that the constant for edge dislocations is m = 0.85 [43]. The anti-phase boundary
energy for the B2 phase is represented by γapb, which is equivalent to 0.25 J/m−2 [44]. It
is important to note that these strengthening processes are sequential, with the first two
factors (ΔσCS and ΔσMS) acting before dislocation shear of the precipitates, while the
last factor (ΔσOS) contributes during the shear process. In this case, the overall strength
increase from the shear mechanism is determined by the sum of (ΔσCS + ΔσMS) or ΔσOS.
The strength increases from (ΔσCS + ΔσMS) in the A2 matrix due to the 22 nm B2 nano-
dispersions were found to be ΔσCS = 487 MPa, ΔσMS = 100.9 MPa, and ΔσOS = 276.3 MPa.
The total shear mechanism strength increase is thus 587.9 MPa.

When the particles are large or incoherent with the matrix, the Orowan dispersion
mechanism becomes dominant. The Orowan-type mechanism (ΔσOrowan) can be calcu-
lated using the following equation [45]:

ΔσOrowan = 0.4MGb
ln(2

√
2r
3 /b

)
λPπ

√
1 − ν

(4)

In this equation, ν is the Poisson’s ratio of the BCC metal, with a value of 0.3, where
r = 208 n, f = 26.5%, and λP denotes the precipitation spacing of the submicron-sized
precipitates, defined as follows:

λP = 2

√
2
3

r
(√

π

4f
− 1

)
(5)

By incorporating these values into the above equation, the YS increase induced by the
submicron B2 precipitates was obtained, with ΔσOrowan = 263.5 MPa.

On this basis, the strengthening due to precipitate hardening is estimated to be ap-
proximately 851.4 MPa, and the true YS of the as-cast AlSi2 alloy (~1272 MPa) is pri-
marily attributed to approximately 66.93%. With precipitation strengthening, the remain-
ing strength is mainly attributed to mechanisms such as the lattice friction strength of
the A2 matrix, solid-solution strengthening, and grain boundary strengthening. The
analysis reveals that shear mechanism strengthening contributes a stress increment of
about 440.8 MPa, while Orowan dispersion strengthening contributes a stress increment
of 518.1 MPa.

4. Conclusions

This paper prepared cast ingots of (AlCrFeNi)100-xSix (x = 0, 1, 2, 3) composite EHEAs,
with varying Si contents and systematically investigated the effect of Si doping on the

119



Metals 2025, 15, 207

microstructure and mechanical properties of AlCrFeNi-based composite EHEAs. The
following conclusions were drawn:

1. The microstructure of (AlCrFeNi)100-xSix (x = 0, 1, 2, 3) composite EHEAs consists
of two regions: the grain interior (flower disk) and grain boundaries (flower petals).
The grain interior exhibits an alternating A2/B2 lamellar composite structure with
B2 phase nano-dispersed precipitates. As the Si content increases, the lamellar struc-
ture at the grain boundaries expands, forming flower petals, while the precipitates
within the alloys evolve into flower disks and the alloy exhibits a sunflower-like
composite structure. The volume fraction of lamellar structures increases in the petals,
accompanied by grain refinement.

2. With increasing Si content, the yield strength of the alloy increases from 1131 MPa for
the AlSi0 alloy to 1360 MPa for the AlSi3 alloy. The shear strengthening mechanism
caused by nano-precipitates and the Orowan dispersion strengthening caused by sub-
micron precipitates contribute approximately 587.9 MPa and 267.5 MPa, respectively.

3. A significant number of nano/sub-micron precipitates on lamellar structures at grain
boundaries enhance precipitation strengthening, resulting in greater hardness at the
grain boundaries compared to the grain interiors in (AlCrFeNi)100-xSix (x = 0, 1,
2, 3) composite EHEAs. The formation of the sunflower-like composite structure
refines the alloy’s microstructure, leading to higher hardness in AlSi2 and AlSi3 alloys
compared to the AlSi0 and AlSi1 alloys.
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Abstract: Nanocomposites composed of Cu and Mo were investigated by means of molec-
ular dynamics (MD) simulations to study the incoherent interface between Cu and Mo.
In order to select an appropriate potential capable of accurately describing the Cu-Mo
system, five many-body potentials were compared: three Embedded Atom Method (EAM)
potentials, a Tight Binding Second Moment Approximation (TB-SMA) potential, and a
Modified Embedded Atom Method (MEAM) potential. Among these, the EAM potential
proposed by Zhou in 2001 was determined to provide the best compromise for the current
study. The simulated system was constructed with two layers of Cu and Mo forming an
incoherent fcc-Cu(111)/bcc-Mo(110) interface, based on the Nishiyama–Wassermann (NW)
and Kurdjumov–Sachs (KS) orientation relationships (OR). The interfacial energies were
calculated for each orientation relationship. The NW configuration emerged as the most
stable, with an interfacial energy of 1.83 J/m², compared to 1.97 J/m² for the KS orientation.
Subsequent simulations were dedicated to modeling Cu atomic deposition onto a Mo(110)
substrate at 300 K. These simulations resulted in the formation of a dense layer with only a
few defects in the two Cu planes closest to the interface. The interfacial structures were
characterized by computing selected area electron diffraction (SAED) patterns. A direct
comparison of theoretical and numerical SAED patterns confirmed the presence of the NW
orientation relationship in the nanocomposites formed during deposition, corroborating
the results obtained with the model fcc-Cu(111)/bcc-Mo(110) interfaces.

Keywords: EAM; TB-SMA; MEAM; nanocomposite; nanometric metallic multilayers;
Immiscible metals; Cu/Mo interface; Molecular dynamics simulations

1. Introduction

Recently, thin films have gained significant importance in advanced technologies,
including protective coatings (acting as diffusion or thermal barriers and providing wear or
corrosion resistance), biosensors, plasmonic devices, optical coatings, electrically conduc-
tive layers, and thin-film photovoltaic cells. Among these materials, nanometric metallic
multilayers (NMMs), also known as layered composites or nanolaminates, have emerged
as a particularly promising class of thin films. These structures are composed of hundreds
of nanometric layers made of two metallic elements, with individual layer thicknesses
typically ranging from 4 to 100 nm. Compared to monolithic films, NMMs offer superior
properties due to their abundant interfaces and nanometric layered architecture. Recently,
their unique physical and chemical properties have attracted increasing attention [1].

In this context, our study focuses on a specific type of NMMs composed of immiscible
metals, referred to as NMMIs (Nanometric Metallic Multilayers of Immiscible Metals). These
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systems offer a wide range of mechanical, optical, magnetic, and radiation tolerance properties
that can be tailored (“materials on demand”) to specific applications by controlling the combined
metal ratio, layer thickness, and texture. For instance, the family of NMMIs combining one
element with high thermal and electrical conductivity with a refractory element that has a low
coefficient of thermal expansion is promising for next-generation multi-material devices (e.g.,
heat sinks in electronic devices). However, their thermal stability remains a significant challenge,
as high temperatures can profoundly alter their layered microstructure, thereby limiting their
durability and potential applications [2]. The structural instability is closely related to interface
and grain boundary energies and is further amplified by the significant stresses present in
the multilayers. Although numerous experimental studies have investigated the structural
stability of NMMIs under thermal treatments (e.g., Cu-Ag [3,4], Cu-W [5–7], Cu-Mo [8], Hf-Ti
[9], Cu-Ag/Fe [10], Ag-Ni [11,12]), the precise mechanisms underlying this thermal instability
remain poorly understood.

A starting explanation can be provided by simulations at the atomic scale. During the
last decades, MD simulations have proven instrumental in exploring various aspects of
NMMs. Previous studies examined reactive metallic multilayers like Al-Ni and Al-Ti, inves-
tigating their self-propagating exothermic reactions [13,14], reaction front propagation [15],
and the role of different microstructures, such as amorphous and crystalline grains, on
combustion behavior [16–18]. Recently, approaches focused on the thermal stability of
immiscible metal nanolaminates. MD simulations of Ag-Ni multilayers investigated the
kinetic pathways accountable for the degradation of NMMIs to nanocomposites (NCs) [19].
The effect of in-plane strain on thermal degradation kinetics of NMMs into NCs was
investigated in Cu-W coupling experiments and DFT calculations [7,20].

As a case study, this work employs molecular dynamics (MD) to investigate Cu-Mo NM-
MIs, with particular emphasis on characterizing the interface between Cu and Mo. Here, the
complete immiscibility between the metals prevents intermetallic phase formation and/or chem-
ical intermixing, as observed in reactive NMMS. Therefore, other mechanisms are responsible
for the thermal instability of the laminated architecture and need to be identified. Molecular
dynamics requires reliable interatomic potentials, which describe the interactions between atoms
in a system. Five many-body potentials fitted for Cu and Mo binary systems from the literature
were benchmarked to select the most appropriate one to investigate the Cu/Mo interface.

Epitaxy relationships between bcc and fcc phases have been the topic of many works
over the years, with the development of pioneering models for the ferrite-austenite in-
terface in iron alloys. Two primary orientation relationships have been identified: the
Nishiyama–Wassermann (NW) relationship [21,22], where [11̄0]fcc ‖ [100]bcc, and the
Kurdjumov–Sachs (KS) relationship [23], where [11̄0]fcc ‖ [11̄1]bcc. These orientation re-
lationships describe the atomic alignment at the interface and significantly influence the
structural and energetic stability of the system. To date, few studies have been dedicated
to the Cu/Mo interface despite the remarkable properties of these composite systems.
Cui et al. [24] and Yeom et al. [8] observed using transmission electron microscopy (TEM)
the Cu{111}//Mo{110} fiber texture. Nevertheless, they do not mention any preferential ori-
entation relationships. In Cu-W [6] and Cu-Nb [25,26] systems, TEM observations reported
Cu{111}, W{110} and Nb{110} textures with a Cu{111}〈101̄〉 ‖ W{110}〈001̄〉 and Cu{111}〈110〉
‖ Nb{110}〈111〉 orientation relationships, corresponding to the NW and KS orientation
relationships, respectively. Additionally, small regions with NW orientation were observed
in the Cu-Nb system. On the other hand, for these two last systems, Bodlos et al. [27] using
atomistic simulations reported a preferential NW orientation relationship. To determine the
preferential epitaxial orientation in Cu-Mo nanometric metallic multilayers (NMMs), inter-
facial analyses were carried out for both KS and NW configurations. For this purpose, we
created two simulation boxes, one corresponding to a KS orientation relationship and the
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other to a NW orientation relationship, and calculated the interfacial energy in both cases to
identify the most stable configuration. To further investigate the orientation relationships
predicted with the selected potential, we performed simulations of copper deposition onto
a molybdenum substrate. The resulting deposits were analyzed and characterized using
selected area electron diffraction (SAED) patterns.

2. Methods

The molecular dynamics simulations were performed using the LAMMPS (22 aug
2018 version) software package [28] using the five many-body potentials listed in Table 1.
Three of them were based on the Embedded Atom Method (EAM), which is widely used for
modeling metals [29]. One was developed by Gong et al. based on ab initio calculations
that were performed to predict the structures, lattice constants, and cohesive energies of the
metastable Cu75Mo25, Cu50Mo50, and Cu25Mo75 phases, as well as the elastic behavior of the
pure Cu and Mo phases [30]. The two others were proposed by Zhou et al. in 2001 [31] and
2004 [32] in the context of simulating multilayers sputtering processes and properties. They
are part of a 16-element normalized potential database that enables calculations of alloys.
They were fitted to basic material properties such as lattice constants, elastic constants, bulk
moduli, vacancy formation energies, sublimation energies, and heats of solution. They were
successively used to study nanometric films such as CoFe/Cu/CoFe [31], CoFe/NiFe [32],
Au/NiFe [33], and Cu/NiCo/Cu [34]. We also considered the Tight Binding in the Second
Moment Approximation (TB-SMA) potential developed by M. A. Karolewski [35]. This
potential was specifically developed to study sputtering simulations involving 26 fcc and bcc
metals. Finally, a second-nearest-neighbor modified embedded-atom method (2NN MEAM)
potential proposed by Wang et al. was also tested [36]. To our knowledge, this potential has
not been used to study multilayers until now but was applied to investigate the effect of
pressure on the enthalpy of mixing of fcc/bcc binary solid solutions [37]. For each individual
potential, we computed microscopic, thermal, and mechanical properties of pure Cu and Mo
with LAMMPS [28]. All quantities were then compared with experimental or ab initio data
to assess their range of validity. The best compromise was found for the two pure elements
with Zhou’s 2001 potential, which was selected to investigate the Cu/Mo interface.

The computational efficiency of each potential was evaluated by running an NPT
simulation for 100 ps using a simulation box containing 66,564 atoms. The performance,
measured in nanoseconds per day (ns/day) on 20 cores, is presented in Figure S1. As ex-
pected, EAM and TB-SMA potentials exhibit better performances, with the Gong potential
being the most efficient at about 22 ns/day on 20 cores. On the benchmarked system, the
MEAM potential proposed by Wang et al. is about 27 times slower than the Gong potential.

Table 1. List of the benchmarked Cu-Mo potentials.

Potential Ref Type Notation Performance (ns/day)

Gong et al. [30] EAM Gong 20.51
Zhou et al. 2001 [31] EAM Zhou.01 8.66
Zhou et al. 2004 [32] EAM Zhou.04 9.71
M. A. Karolewski et al. [35] TB-SMA TB-SMA 12.77
J. Wang et al. [36] MEAM MEAM 0.76

3. Results

3.1. Physical Properties of the Pure Elements in the System
3.1.1. Thermal Expansion

The variation of the lattice parameter with temperature and the coefficient of thermal
expansion (CTE) were first determined. To this end, we performed 600 picoseconds NPT
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runs (600,000 timesteps) for temperatures ranging from 50 K to 1200 K in steps of 50 K
using simulation boxes containing 15 × 15 × 15 lattice units. The box sizes were averaged
over the last 100 ps in order to determine the lattice parameter at the target temperature. A
fourth-order polynomial equation a(T) = A + BT + CT2 + DT3 + ET4 was used to fit the
lattice parameter as a function of temperature for the two elements. As shown in Figure S2
in the Supplementary Material (SM), the five potentials correctly predict an increase in
the lattice parameter with temperature. The coefficients A, B, C, D, and E are given in the
Tables S3 and S4 in the Supplementary Material (SM) for Cu and Mo, respectively. The
percentage variation of ΔL/L0 = (a(T)− a0)/a0 as a function of temperature is plotted in
Figure 1 along with the experimental values reported by Touloukian [38]. Here, a0 is the
lattice parameter at 293 K.

Figure 1. Comparison between the MD results obtained for Cu and Mo with experimental results
from Touloukian [38].

For copper, Gong, TB-SMA, and MEAM potentials underestimate the value of ΔL/L0

at high temperatures, while the Zhou.04 potential shows underestimation even at low tem-
peratures. The Zhou.01 potential provides more accurate values of ΔL/L0 across the entire
temperature range. In the case of Mo, Gong and TB-SMA potentials similarly underestimate
the value of ΔL/L0 across all temperature ranges. The Zhou.01 and Zhou.04 potentials
also show underestimation at high temperatures but offer more accurate predictions at
temperatures below 1200 K. The MEAM potential gives a more precise estimation across all
temperature ranges. Therefore, the Zhou.01 potential emerges as the most reliable for both
copper and molybdenum in the temperature range of interest in our studies (0 to 1200 K).
The coefficient of thermal expansion was computed using α = 1

a(T)
da(T)

dT (see Figure 2) and
compared to the experimental values available in [38]. For copper, the MEAM, Zhou.04, and
TB-SMA potentials generally underestimate the CTE across the entire temperature range.
The Zhou.01 potential offers a slightly better trend and provides the closest approximation
across the entire temperature range. For molybdenum, the TB-SMA and Gong potentials
overestimate the CTE, while the Zhou.01, Zhou.04, and MEAM potentials are closer to the
experimental measurement. The Zhou.01 potential emerges as the most reliable model,
closely matching the experimental data across the entire temperature range.

The difference in thermal expansion between copper and molybdenum will be the
source of thermal stress in NMMIs. Thus, the calculation of the ratio of these two quantities
will help to understand the presence of internal stress measured in an NMMIs at finite
temperature (see Figure 3). Experimentally, the thermal expansion of copper is about
three times higher than that of molybdenum in the given temperature range. The Zhou.01
potential provides the closest match to the experimental data. The Gong potential improves
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at higher temperatures but still underestimates the ratio. The Zhou.04 potential consistently
overestimates the ratio, and the MEAM potential significantly underestimates it. Thus, the
Zhou.01 potential appears to be the most reliable for predicting the thermal expansion ratio
between copper and molybdenum across the temperature range.

Figure 2. The evolution of the coefficient of thermal expansion as a function of temperature of copper
and molybdenum.

3.1.2. Melting Temperature

The melting temperature was determined using the hysteresis method. The simulation
box was heated from 300 K up to a target temperature well above the melting point, using a
procedure similar to that used to calculate thermal expansion coefficients. Subsequently, we
initiated a cooling process with a constant temperature ramp. The potential energy per atom
was plotted as a function of the temperature (see Figure S3 in Supplementary Material).
The bulk melting temperature, Tm, is estimated with Tm = T+ + T− −√

T+T−, where T+

represents the temperature at which the solid melted during the heating process, and T− is
the temperature at which the liquid solidified during the cooling process [39]. The melting
temperatures obtained for Cu and Mo are listed in Table 2. The closest calculated melting
points were 2778 K for Mo with the MEAM and 1332 K for Cu with the TB-SMA. The
other values are relatively distant from the experimental values. The melting temperature
is generally not considered in the fitting of potentials. This often results in significant
discrepancies with experimental data, as observed here.

Figure 3. Evolution of the ratio of the thermal expansion coefficient of Cu and Mo as a function
of temperature.
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Table 2. Melting temperatures obtained with the hysteresis method for Cu and Mo.

Tm (K)
Cu Mo

This Work Experimental This Work Experimental

Gong 1085 3143
Zhou.01 1131 3404
Zhou.04 1153 1358 3420 2896
TB-SMA 1332 2236
MEAM 1572 2778

3.1.3. Elastic Constants and Elastic Moduli

Elastic constants were computed by imposing a deformation, εij, on the simulation
box and measuring the resulting stress σij. To respect the assumption of linear elasticity,
the size of the simulation box was deformed from −0.1% up to 0.1% at 0 K. The elastic
constants were directly computed using σij = Cijεij. The results are reported in Table 3.
The inability of the TB-SMA potential to model the elastic properties of Mo (bcc lattice) is
attributed to its lack of angular dependence [35]. The calculations were repeated at finite
temperatures up to 1100 K (see Figure S5 in Supplementary Material (SM)). Using these
elastic constants along with the Voigt-Reuss-Hill approximation, which is an averaging
scheme, the anisotropic single-crystal elastic constants can be converted into isotropic poly-
crystalline elastic moduli [40,41]. The Young modulus E, Poisson ratio υ, shear modulus
G, and bulk modulus K are calculated using the elastic constants was computed at 0 K
and at finite temperature up to 1100 K. The bulk modulus is expressed in terms of the
elastic constants:

K =
C11 + 2C12

3
. (1)

The upper (Voigt approximation) and lower bounds (Reuss approximation) of shear
moduli read

GV =
C11 − C12 + 3C44

5
(2)

and

GR =
5C44(C11 − C12)

4C44 + 3(C11 − C12)
. (3)

Based on the Hill empirical average [40,41], we introduced the isotropic elastic shear
modulus as follows:

G =
GV + GR

2
. (4)

It is then straightforward to find Poisson’s ratio, υ, and Young’s modulus, E, from the
well-known isotropic relations as follows:

υ =
3K − 2G

2(3K + G)
(5)

and

E =
9GK

3K + G
. (6)
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Table 3. The values of the elastic constants Cij, Young modulus E, Poisson ratio υ, shear modulus G,
and bulk modulus K of Cu and Mo at 0 K.

Material Method C11 (GPa) C12 (GPa) C44 (GPa) E (GPa) GV (GPa) GR (GPa) G (GPa) K (GPa) υ

Cu

Experimental 170 [42] 122.5 [42] 75.8 [42] 128.31 54.98 40.39 47.69 138.33 0.35
Gong 170.03 122.50 75.80 128.34 54.99 40.41 47.70 138.34 0.35

Zhou.01 182.84 121.15 70.64 135.79 54.72 46.59 50.66 141.71 0.34
Zhou.04 169.62 122.13 75.74 128.21 54.94 40.38 47.66 137.96 0.35
TB-SMA 176.03 121.71 83.63 141.99 61.04 45.66 53.35 139.82 0.33
MEAM 176.13 124.90 81.76 137.67 59.30 43.56 51.43 141.98 0.34

Mo

Experimental 464.7 [43] 161.5 [43] 108.9 [43] 322.20 125.98 122.73 124.35 262.57 0.30
Gong 500.18 196.94 108.92 327.55 126.00 122.75 124.37 298.02 0.32

Zhou.01 456.59 166.55 113.11 323.64 125.87 124.03 124.95 263.23 0.30
Zhou.04 456.56 166.55 113.11 323.63 125.87 124.02 124.94 263.22 0.30
TB-SMA 182.84 173.35 123.76 121.07 76.15 11.22 43.69 176.51 0.39
MEAM 474.79 160.51 115.10 336.13 131.92 128.89 130.40 265.27 0.29

The results obtained at finite temperature are presented in Figure 4 for Cu and in
Figure 5 for Mo. The symbols are the calculated points, and the dotted lines are the
corresponding fourth-order polynomial fits. Regarding the elastic constants at 0 K, the Gong
and Zhou.04 potentials are the most accurate for copper, closely matching the experimental
values for all three elastic constants (C11, C12, and C44). Additionally, the Zhou.01 potential
shows results that are very close to the experimental values. For molybdenum, the Zhou.01,
Zhou.04, and MEAM potentials provide the best approximation to the experimental values.
With respect to the variation of elastic properties with temperature and by comparing the
simulation results with the experimental data [44,45], the Zhou.01 potential appears as the
most reliable for predicting the elastic properties of both materials across the temperature
range. Calculations carried out on pure metals indicate that the Zhou.01 potential provides
the best compromise for most of the quantities calculated. This potential was therefore
adopted to simulate the interface in the Cu-Mo bilayer system.

Figure 4. The variation of the young modulus E, Poisson ratio υ, shear modulus G, and bulk modulus
K of Cu as a function of temperature.
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Figure 5. The variation of the young modulus E, Poisson ratio υ, shear modulus G, and bulk modulus
K of Mo as a function of temperature.

3.2. Modeling of the Cu/Mo Interface
3.2.1. Energy, Atomic Volume and Local Atomic Environment

Bimetallic interfaces are categorized based on their crystal structure and the degree
of lattice mismatch between the two metals [1]. This lattice misfit is commonly defined as
f = a(A)/a(B), where a(A) and a(B) are the lattice parameters of metals A and B, respec-
tively. When the two metals in contact share the same crystal structure, coherent interfaces
occur for f < 10%, semi-coherent interfaces are observed when f ranges from 10% to 20%
and incoherent interfaces for f > 20%. For A and B having different crystalline structures,
incoherent interfaces are observed regardless of the lattice misfit. In the case of Cu-Mo, the
interface is incoherent with a lattice misfit of 15%. For the interface between fcc(111) and
bcc(110) crystals, two types of orientation relationships have been identified during epi-
taxial growth experiments. One is the Nishiyama–Wassermann (NW) relationship [21,22]
with [11̄0]fcc ‖ [100]bcc, and the other is the Kurdjumov–Sachs (KS) relationship [23] with
[11̄0]fcc ‖ [11̄1]bcc. To determine the preferential epitaxial orientation in Cu-Mo NMMs
using Zhou0.1, we created two simulation boxes: one corresponding to KS and the other to
NW orientation relationship. As shown in Figure 6, the initial configuration includes a Mo
layer and a Cu layer. The typical size of the simulation box is Lx = 8.755 nm, Ly = 11.05 nm,
and Lz = 9.30 nm, fitted with 99% occupation in the x-direction for Cu and Mo in the KS
box and 99% occupation in the x-direction for Cu in the NW box. The KS box contained
22 atomic planes of Cu and 21 of Mo along the z-direction, as shown in Figure 6 (KS). Along
the lateral directions, the simulation box consisted of 34 atomic planes of Cu and 32 of
Mo along the x-direction, and 50 atomic planes of Cu and 43 of Mo along the y-direction.
The box was composed of 66,296 atoms (37,400 Cu and 28,896 Mo atoms). The NW box
contained 22 atomic planes of Cu and 21 of Mo along the z-direction, as shown in Figure 6
(NW). Along the lateral directions, the simulation box consisted of 34 atomic planes of Cu
and 28 of Mo along the x-direction, and 50 atomic planes of Cu and 50 of Mo along the
y-direction. The box was composed of 66,800 atoms (37,400 Cu and 29,400 Mo atoms).
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Figure 6. KS and NW boxes. Mo and Cu atoms are represented by blue and orange spheres, respectively.

We minimized the energy of the system by allowing the atom positions and box size to
change using a conjugate gradient procedure. We then computed with the OVITO software
the partial radial distribution function, gij(r), where i and j represent Cu or Mo atoms and
r denotes the atomic distance [46]. The radial distribution function (RDF) is expressed as:

g(r) = c2
i gii(r) + 2cicjgij(r) + c2

j gjj(r), (7)

where ci and cj are the concentrations of i and j, respectively. Figure 7 shows the partial
radial distribution functions g(r) computed in 2D for the first atomic planes of Mo and Cu
at the interface. Vertical lines marked with a cross (∗) indicate the theoretical distances of the
first neighbors in a bulk system, while those marked with a diamond (�) correspond to the
second neighbors. The computed peaks align well with the theoretical distances of the first
and second neighbors in the bulk. For the first Mo plane neighboring the interface, the peaks

are located precisely at the theoretical positions (
√

3a0
2 , a0, and

√
2a0), confirming that the local

structure remains consistent with a bulk configuration. For the first Cu plane neighboring

the interface, the peaks also align with the expected positions (a0,
√

2a0, and
√

3
2 a0), but they

exhibit slight broadening. This broadening can be attributed to the misfit, i.e., the difference
in lattice parameters between Mo and Cu, which introduces a slight distortion in the atomic
structure of Cu at the interface. In contrast, the Mo atoms keep their bulk configuration.
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Figure 7. Two dimensional partial radial distribution function computed in the first atomic plane of
Cu and of Mo at the interface. The theoretical positions of the first, second, and third neighbor peaks
in a 2D plane from a bulk system are indicated by the lines with a star (∗), a diamond (�), and a cross
(x), respectively.
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Snapshots of the first Mo and Cu planes adjacent to the interface are shown in Figure 8
for KS orientation and in Figure 9 for NW. Atoms were colored according to different
indicators such as potential energy per atom, volume per atom, and local environment
(i.e., polyhedral template matching analysis). We recovered the typical Moiré fringes
observed in [27] for the fcc(111) and bcc(110) interface. For KS and NW configurations,
the potential energy per atom is higher at the interface compared to bulk atoms, reflect-
ing the strain caused by lattice mismatch. However, the KS interface (Figure 8) exhibits
larger variations in energy. For Mo, the potential energy ranges from −6.08 eV/atom to
−6.37 eV/atom, while for Cu it varies from −3.23 eV/atom to −3.54 eV/atom. By compar-
ison, the NW interface (Figure 9) shows a narrower energy range, with Mo spanning from
−6.18 eV/atom to −6.40 eV/atom and Cu ranging from −3.30 eV/atom to −3.57 eV/atom.
These smaller variations in the NW case suggest a better accommodation of the lattice
mismatch, resulting in a more uniform energy distribution across the interface.

Figure 8. Energy, atomic volume and local atomic environment of KS box. For direct comparison,
cohesive energy and volume per atom for bulk systems are also reported.

The atomic volume further highlights differences between the two configurations.
In the KS case, Mo atoms exhibit a volume ranging from 16.46 Å

3
to 18.59 Å

3
, deviating

significantly from the bulk value of 15.62 Å
3
, while Cu atoms show volumes between

13.75 Å
3

and 15.50 Å
3
, compared to a bulk value of 11.81 Å

3
. In contrast, the NW interface

shows smaller deviations: Mo volumes range from 15.52 Å
3

to 17.76 Å
3
, and Cu volumes

range from 13.27 Å
3

to 14.60 Å
3
. These reduced distortions in the NW configuration indicate

a more stable atomic arrangement, with fewer local compressions and expansions caused
by the interface. Additionally, structural analysis using PTM (with a cutoff of 0.15 RMSD)
reinforces these observations. In the KS configuration, the alternating Moiré fringe patterns
are more pronounced (more regions of disordered atomic arrangements (unk)), reflecting
stronger lattice mismatch and interfacial strain. The NW configuration, on the other

132



Metals 2025, 15, 282

hand, exhibits a more gradual transition between the fcc(Cu) and bcc(Mo) phases, with a
reduced strain distribution across the interface. This further supports the idea that the NW
orientation relationship better accommodates the differences in lattice parameters between
Mo and Cu.

Overall, the NW interface exhibits smaller variations in potential energy and atomic
volume compared to the KS interface, reflecting reduced strain and more favorable interfa-
cial stability. These results suggest that the NW configuration provides a more energetically
and structurally stable interface for the Cu-Mo system.

Figure 9. Energy, atomic volume and local atomic envirronement of NW box. For direct comparison,
cohesive energy and volume per atom for bulk systems are also reported.

3.2.2. Energy of the Interface

The interfacial region can be clearly identified according to the average potential
energy of atoms in each plane adjacent to the interface after relaxation. Figure 10 depicts
the excess potential energy compared to bulk energy in each atomic plane parallel to the
interface. The potential energies of the planes near the interface significantly differ from
those in the bulk region (i.e., the region far away from the interface, in the middle of the
layer). The interface energy γi is given by:

γi =
1
A

[
∑
�

(
ECu
� − ECu

0,�

)
+

(
EMo
� − EMo

0,�

)]
(8)

where E is the actual potential energy of plane �, E0,� = NCu
� ECu

0 + NMo
� EMo

0 is the reference
bulk energy, with NCu

� representing the number of Cu atoms in plane �, NMo
� representing

the number of Mo atoms in plane �, and A being the interface area. The interface energy
evaluated with Equation (8) is γi = 1.97 J/m2 for an interface with Kurdjumov-Sachs
(KS) orientation [11̄0]fcc ‖ [11̄1]bcc, and γi = 1.83 J/m2 for an interface with Nishiyama-
–Wassermann (NW) orientation [11̄0]fcc ‖ [100]bcc. Although there is limited information
in the literature regarding the interfacial energy of Cu-Mo systems, some studies have
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reported data that agree well with our observations. Experimentally, Yeom et al. [8] esti-
mated (111)Cu/(110)Mo interface energy in a range between 0.5 and 2.0 J/m² at 600 °C,
in good agreement with our values. Other studies were conducted using an ab initio
approach by Li et al. [47] with three other interface orientations, namely (111)Cu/(111)Mo,
(110)Cu/(110)Mo, and (100)Cu/(100)Mo. Despite the difference of orientations, these
results fall within the same order of magnitude, with values of 3.51, 4.11, and 3.37 J/m²,
respectively. For Cu/W and Cu/Nb, Bodlos et al. [27] computed the interfacial (111)/(110)
energy using DFT and EAM calculations, showing that NW is more stable by around
0.15 eV, again corroborating the present findings. From an energetic perspective, the NW
orientation proves to be more stable than the KS orientation.

Figure 10. Excess of potential energy at the interface at 0 K.

3.2.3. MD Simulation of the Growth of Sputtered Cu Film on Mo Substrate

The calculations at 0 K presented above revealed that the NW orientation is energeti-
cally more stable. To validate at finite temperature this theoretical finding and investigate
the naturally occurring orientation relationship, deposition simulations were carried out us-
ing the Zhou.01 potential. Figure 11 illustrates the MD model for the deposition of Cu atoms
onto the Mo (110) and (011) surfaces. The simulation domain measured 21.5a × 21.8a × 27a
(where a = 3.15 Å, the lattice constant of Mo). The substrate itself had dimensions of
21.5a × 21.8a × 11.1a. The z-axis represents the film growth direction. For Mo (110), the
crystal orientations were x = [11̄1], y = [11̄2̄], and z = [110], whereas for Mo (011), we used
x = [100], y = [011̄], and z = [011]. Periodic boundary conditions were applied along the
x- and y-axes, while the z-axis was subject to non-periodic and fixed boundary conditions.
The incident Cu atoms originate from the region between the incident plane and the virtual
plane (see Figure 11), with a velocity of −3.43 Å/ps (i.e., Ec = 0.039 eV) and a deposition
rate of 1 atom per 100 ps. A virtual plane allows us to reflect Cu atoms that eventually
reach the top of the box. Mo atoms located at the bottom of the box (i.e., z < 2.3 nm) were
held fixed while the others (i.e., 2.3 nm < z < 3.5 nm) were thermalized at 300K using a
Langevin thermostat with a damping parameter equal to 1 ps.

After deposition, the atomic ordering of the first three deposited Cu layers was
investigated. Figure 12 shows the structural analysis of Cu after deposition on Mo(110)
at 300 K, focusing on the first three atomic layers at the interface. The g(r) curve in 2D
(on the left) shows the distribution of distances between the nearest neighbors for the
first three Cu layers and the last Mo layer (the first Mo layer in contact with Cu). In the
first Cu layer, the snapshots (see images a–d in Figure 12) show a mixture of fcc (green
atoms) and bcc (blue atoms) structures, indicating that Cu locally adopts a bcc structure in
certain regions under the strong influence of the Mo substrate, along with some regions
exhibiting an hcp (stacking fault) structure (in red). The white color represents atoms whose
structure could not be identified. In the second Cu layer, the peaks begin to align with
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the theoretical positions for fcc(111), but with a slightly larger full width at half maximum,
reflecting residual strain as the structure transitions completely from bcc (first layer) to fcc
(third layer). Finally, in the third Cu layer, the peaks correspond well to the theoretical
positions for fcc(111), indicating the presence of the stable fcc structure. We observed
initially a layer-by-layer (2D) growth mode for the first six copper planes. This growth
mode ensures initial adherence consistent with the substrate structure. After that stage,
the mechanism changed and as shown in Figure 12d, the formation of islands is observed
with the presence of 3D growth. However, as growth progresses, small islands appear in
the upper layers, signaling a transition from two-dimensional to three-dimensional (3D)
growth. In summary, the results demonstrate that Cu deposited on Mo(110) is initially
influenced by the bcc structure of the substrate in the first atomic layer, before transitioning
to its stable fcc(111) structure by the third layer. This transition, combined with the shift
from a 2D to a 3D growth mode, highlights the complex interactions between the substrate
and the deposited material, influencing both local structure and overall growth mode. Note
that similar simulations were conducted using the Gong potential. With that potential, the
computed interface energy is also lower for the NW (γi = 1.54 J/m2) orientation compared
to the KS (γi = 1.61 J/m2). Nevertheless, the deposition of Cu on Mo subtrates never
resulted in a clear orientation relationship as obtained with Zhou.01.

Virtual wall

Incident plane

X Y

Z
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Cu

Figure 11. MD model of the deposition of sputtered Cu atoms onto Mo surface.
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Figure 12. Two-dimensional radial distribution functions computed for the first three planes of Cu
and the Mo plane located at the interface. The positions of the peaks computed in Cu(111) and
Mo(110) planes in bulk systems are presented for comparison by lines with a cross (x) and a star (∗),
respectively. Side views of the final configurations from simulations at 300 K. Thin slices of Cu atoms
at different heights are shown on (a–d). In snapshots (a–c), the atoms are colored according to their
local environment (i.e., fcc (green), bcc (blue), hcp (red), and unk (gray)), whereas in snapshot (d), the
atoms are colored according to their relative height.

135



Metals 2025, 15, 282

3.2.4. SAED Patterns

To identify the preferred orientation relationship adopted by the system, it was essen-
tial to perform detailed analyses following the deposition. Given that such analyses are
often complex and unclear in real space, we opted for a more precise approach. Selected
area electron diffraction (SAED) patterns, typically obtained through TEM experiments,
provide a reliable method to study orientation relationships.

For an fcc(111)/bcc(110) interface, there are three variants of the Nishiyama–Wassermann
(NW) orientation relationship and six variants of the Kurdjumov–Sachs (KS) orientation
relationship. To establish a theoretical basis, SAED patterns were prepared for all these
variants (see Figures S6 and S7 in Supplementary Materials (SM)). Figure 13 presents the
necessary diffraction images used to construct the theoretical SAED patterns for the two
systems introduced earlier, which correspond to one variant of KS (KS1 see Figure S6 in
Supplementary Materials (SM)) and one of NW (NW1 see Figure S7 in Supplementary
Materials (SM)).

The calculated diffraction pattern of bcc-Mo with zone axis along the [110] direction,
shown in Figure 13a, corresponds to the low surface orientation of solid Mo [110] and
with zone axis along the [011] direction, shown in Figure 13b, corresponds to the low
surface orientation of solid Mo [011]. Cu was observed to grow in the [111] direction. The
calculated diffraction pattern of fcc-Cu is depicted in Figure 13c. Each point of the reciprocal
lattice corresponds to an observable peak (hkl). The unit cell of the reciprocal lattice is a
rectangle with l = d = 0.317 Å−1 and L =

√
2d = 0.449 Å−1 for Mo and an hexagon with

L = 2d
√

2 = 0.0.782 Å−1 for Cu where d = 1/a Å−1, and a is the lattice parameter in real
space. Some representative points are indexed in Figure 13. To construct the KS theoretical
diffraction pattern, we rotated the diffraction pattern of bcc-Mo with the zone axis along
[110] by an angle of 144.74°. Then, we rotated the diffraction pattern of Cu by 180° to align
the two directions along x (x = [11̄0] for Cu and x = [11̄1] for Mo), and to construct the NW
theoretical diffraction pattern, we rotated the diffraction pattern of Cu by 180° to align the
two directions along x (x = [11̄0] for Cu and x = [100] for Mo). Not all points contribute in
an equal manner to the diffraction pattern.

Next, the computational method developed in [48] was applied to produce a virtual
electron diffraction pattern directly from atomistic simulations. The SAED pattern was
computed for perfect KS and perfect NW boxes, as represented in Figure 6, to validate our
theoretical patterns. The blue square in Figures 14 and 15, defined by the Mo peaks, and
the orange hexagon, defined by the Cu peaks, are drawn as guides to identify the structure.
The virtual SAED pattern is reproduced with striking similarity.

Figure 16a presents the calculated SAED patterns after Cu deposition on Mo, with
orientations x = [100], y = [011̄], and z = [011]. In Figure 16b, the theoretical SAED of
NW1 is superimposed on the SAED of deposition, revealing a perfect alignment between
the patterns. Figure 17a illustrates the SAED patterns obtained after Cu deposition on Mo
for x = [11̄1], y = [11̄2̄], and z = [110]. In Figure 17b, the superposition of the theoretical
SAED of KS1 with the SAED of the deposition highlights a shift of 5.26°, corresponding to
the difference between the KS1 and NW2 orientation relationships (see Figure S8 in Supple-
mentary Materials (SM)) The NW orientation relationship is always obtained, regardless
of the orientations of Mo(110), confirming that the system favors the NW relationship in
agreement with previous observations.
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Figure 13. (a,b) Calculated diffraction pattern of bcc-Mo substrate with zone axis aligned along the
[011] and [110] directions. (c) Calculated diffraction pattern of fcc-Cu with zone axis aligned along
the [111]-direction.

(a) (b)

Figure 14. SAED for Nishiyama–Wassermann (NW) relationship. (a) Theoretical diffraction patterns.
(b) Virtual diffraction patterns. Mo and Cu peaks are represented in blue and orange, respectively.

(a) (b)

Figure 15. SAED for Kurdjumov–Sachs (KS) relationship. (a) Theoretical diffraction patterns.
(b) Virtual diffraction patterns. Mo and Cu peaks are represented in blue and orange, respectively.

137



Metals 2025, 15, 282

(a) (b)

Figure 16. (a) SAED patterns computed for the full system at the end of deposition simulation. The
black square defined by the Mo peaks, and the black hexagon, defined by the Cu peaks, are drawn as
guides to identify the structure. (b) superposition of theoretical and virtual SAED patterns (deposition
simulation). Theoretical Mo and Cu peaks are represented in blue and orange, respectively.

(a) (b)

Figure 17. (a) SAED patterns computed for the full system at the end of deposition simulation. The
black square defined by the Mo peaks, and the black hexagon, defined by the Cu peaks, are drawn as
guides to identify the structure. (b) superposition of theoretical and virtual SAED patterns (deposition
simulation). Theoretical Mo and Cu peaks are represented in blue and orange, respectively.

4. Conclusions

By means of molecular dynamics simulations, we studied the Cu/Mo interface in
layered nanocomposite systems. Since there are only a few MD studies dedicated to
this binary system, we first had to select an appropriate interatomic potential capable of
simulating both metals as well as the interface orientation relationship. The comparison of
the computed physical properties of the pure elements (i.e., lattice parameters, cohesive
energy, thermal expansion, coefficient of thermal expansion, melting temperature, elastic
constants, and moduli) with the experimental data led us to select the Zhou.01 potential.

Experimentally, nanometric Cu-Mo multilayers are obtained by magnetron-sputtering.
Following this elaboration step, annealing at high temperature is often performed to
reduce internal stresses. Degradation of these multilayers, revealing structural instability,
is observed at 600 °C [8]. One of the causes of this instability is the interface between Cu
and Mo. To investigate the possible source of instability, we conducted a study of the
Cu/Mo interface by MD. Experimentally, Mo grows with a (110) orientation along the z-
axis, and Cu grows with a (111) orientation along the z-axis, resulting in an fcc(111)/bcc(110)
interface with a fiber texture, as Cui et al. [24] and Yeom et al. [8] have shown using
transmission electron microscopy (TEM). Nevertheless, they were not able to characterize
the preferential orientation relationships (either NW or KS). Both configurations were
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investigated by MD to determine the most stable one. The interface energy is lower for the
NW orientation relationship compared to KS. This was confirmed by simulations of Cu
deposition on Mo (110). The SAED diffraction patterns computed after deposition perfectly
match the theoretical SAED calculated for NW. These results clearly show that the system
favors the NW orientation relationship. Similar results were found experimentally by
Moszner et al. [6] and numerically by Bodlos et al. [27] for the Cu-W system, which also
has an incoherent interface and a lattice misfit very close to that of Cu-Mo (15%). This study
helped to characterize the Cu/Mo interface that plays a key role in the nanocomposite’s
stability. It represents a first step towards understanding the lack of thermal stability of
the Cu-Mo system at the atomic level, thereby limiting its potential applications for the
development of high-performance nanocomposite materials.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/met15030282/s1, Figure S1: Performance of potentials with
different numbers of cores; Figure S2: Evolution of the lattice parameter of Cu and Mo as a function
of temperature; Figure S3: Evolution of the potential energy per atom (Ep/atom) as a function of
temperature (T) during two processes: heating and cooling; Figure S4: Two types of deformations
were applied to compute the elastic constants: uniaxial deformation for C11 and C12 (left) and shear
deformation for C44 (right); Figure S5: Variation of the elastic constant of Cu (left) and Mo (right) as a
function of temperature; Figure S6: SAED theoretical diffraction patterns of KS variants; Figure S7:
SAED theoretical diffraction patterns of NW variants; Figure S8: Comparison between a KS variant
and an NW variant, showing the small angle difference of 5.26°; Table S1: MD calculations of
lattice parameters a for pure Cu and Mo using the five selected potentials, compared with selected
literature references; Table S2: MD calculations of cohesive energies Ec for pure Cu and Mo using
the five selected potentials, compared with selected literature references; Table S3: The coefficient
A, B, C, D, and E for the fit a(T) = A + BT + CT2 + DT3 + ET4 of the evolution of the lattice
parameter of Cu as a function of temperature; Table S4: The coefficient A, B, C, D, and E for the fit
a(T) = A + BT + CT2 + DT3 + ET4 of the evolution of the lattice parameter of Mo as a function of
temperature; Table S5: The elastic constants of Cu; Table S6: The elastic constants of Mo.
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Abstract: Cu-based alloys and composites are popular to prepare electroconductive parts.
However, their processing can be challenging, especially in case of composites strengthened
with oxides. To save the necessary time and costs, numerical simulations can be of help
when determining the deformation behaviour of (newly introduced) materials. The study
presents a combined method of strengthening of Cu by adding 5 wt.% of La2O3 particles
and performing shear-based deformation by equal channel angular pressing (ECAP). The
effects of the method on the microstructure, mechanical properties, and thermal stability of
the composite are examined both numerically and experimentally. The results showed that
the La2O3 addition caused the maximum imposed strain to be higher for the composite
than for commercially pure Cu, which led to the development of subgrains and shear bands
within the microstructure, and a consequent increase in microhardness. The numerical
predictions revealed that the observed differences could be explained by the differences in
the material plastic flow (comparing the composite to commercially pure Cu). The work
hardening supported by the addition of La2O3 led to a significant increase in stress and
punch load during processing, as well as contributed to a slight increase in deformation
temperature in the main deformation zone of the ECAP die. Certain inhomogeneity of
the parameters of interest across the processed workpiece was observed. Nevertheless,
such inhomogeneity is typical for the ECAP process and steps prospectively leading to its
elimination are proposed.

Keywords: copper; composite; equal channel angular pressing; finite element method;
microstructure

1. Introduction

Cu of a high purity (commercially pure, CP) is a highly versatile conductive material,
but features relatively low strength [1]. Advantageous ways of increasing the mechanical
properties of Cu include application of various heat, deformation, and thermomechanical
treatments [2–5], as well as additions of strengthening/reinforcing elements to create
alloys [6,7] and composites [8,9]. As for the first mentioned way, optimized treatments
enhancing the mechanical properties of Cu can advantageously be carried out by methods
of intensive and severe plastic deformation (IPD, e.g., [10–12], and SPD, e.g., [13–16]). Such
methods impart strengthening by introducing nucleation of dislocations and formation
of substructure, resulting in grain refinement and consequently to improvement of the
mechanical properties [17,18]. As for the second mentioned way, besides the alloying
element typically added to fabricate the commonly known Cu-based alloys (e.g., bronzes
and brasses [19,20]), additions of specific elements can improve the properties of Cu. For
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example, small amounts of Ag, Cd, or Fe were reported to improve the durability of
Cu at elevated temperatures [21,22]. Cu-based composites are very advantageous for
achieving specific combinations of properties. Both laminated composites, consisting of
(multiple) layers of Cu + other elements (e.g., Mg [23–25], Al [26–28], Nb [29–31], Ti [32–34],
combinations of elements [35,36], various alloys [37], graphene [38], etc.), and powder-
based Cu composites, usually containing strengthening particles (carbon [39–42], various
oxides, such as Al2O3 [43–45], or Y2O3 [46–49]), are widely researched.

The presented study introduces a Cu-based composite consisting of Cu + 5 wt.% of
La2O3 particles. Cu is mainly used for electroconductive components, operating typically
in contact with other (such) parts. Therefore, such parts can be subject to not only electrical
erosion, but also wear by abrasion and adhesion [50]. For this reason, it is of a high
importance to increase the mechanical (as well as tribological) properties of Cu-based
electroconductive materials. This can advantageously be done by adding stable and
resistant reinforcing particles, such as the La2O3. The La2O3 oxide was, similar to the Y2O3

one, documented to enhance the mechanical properties, especially hardness and elastic
modulus, without having significantly negative effects on the electric conductivity [51].
Moreover, adding La2O3 to Cu was shown to be highly supportive of grain refinement,
which is advantageous from the viewpoint of introducing another strengthening, by the
Hall–Petch effect [52]. Nevertheless, contrary to Y2O3, the effects of La2O3 additions on the
overall behavior of Cu have not been sufficiently studied yet (either experimentally or via
numerical simulations).

The processing method selected herein is equal channel angular pressing (ECAP), a
widely used and researched SPD method suitable for processing of relatively large billets
(see, e.g., [53,54]). The positive effects of ECAP on the microstructures and properties of
CP Cu and selected Cu-based alloys were documented. For example, Heidari et al. [55]
increased the lifetime of a tool electrode Cu by ECAP, and Volokitina et al. [56] subjected
CP Cu to ECAP under cryogenic conditions and achieved double the effectivity of room
temperature ECAP as regards the increase in the mechanical properties. Guo et al. [57]
subjected a Cu1Cr0.2Si alloy to four pass ECAP (route Bc [58]) and achieved an increase
in its tensile strength by 47% (up to 564 MPa), whereas Chu et al. [59] used combinations
of ECAP, rolling, and heat treatments to impart nano-sized structural features within a
CuCrZr alloy to increase its tensile strength up to 730 MPa, while maintaining the electric
conductivity of 75.5% IACS (International Annealed Copper Standard). Several types of
Cu-based composites were also subjected to ECAP and other ECAP-based methods; for
example, Cu-Al laminates were prepared by ECAP [60], ECAP + drawing [61], or TCAP
(twist channel angular pressing) [62].

Numerical simulations using the finite element method (FEM) advantageously pro-
vide deeper insights into the production processes, as they enable to predict processing
parameters, such as distribution of temperature, strain, stress, forming forces and their
developments, etc. [63,64]. They can be advantageously used to study the microstruc-
tures and behaviors of metallic materials during processing by SPD methods, such as the
ECAP process applied herein. For example, Borodin et al. [65] used FEM to predict the
development of microstructural features within CuCrZr alloys during ECAP and mul-
tidirectional forging, Bratov et al. [66] used modelling to predict dislocations and grain
size development within Cu and Al subjected to ECAP, Aal [67] numerically studied the
deformation behavior of pure Al when deformed by ECAP, and a combination of ECAP
and direct extrusion, Hongyu et al. [68] predicted the quality of shape control of a square
Al tube during ECAP, Vafaeenezhad et al. [69] assembled a numerical model to analyze
the effect of severe plastic deformation on wear of Al-7075 alloy deformed by ECAP, and
Ghosh et al. [70] used computer simulations to investigate the deformation behavior of EN
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AW 7075 alloy during ECAP processing through dies with different outer corner angles.
Nevertheless, to successfully assemble a numerical simulation, numerous input data and
boundary conditions have to be set. Therefore, when proposing a new material, or exam-
ining a material the properties of which are not widely known, its behavior needs to be
thoroughly studied at first to gain input data for the numerical modelling.

The study presented herein features a combined method of strengthening of CP
Cu by adding La2O3 oxide particles and performing SPD by ECAP. The results were
acquired both experimentally and via numerical simulations; the simulations were also
performed for CP Cu to provide in-depth insight into the effects of La2O3 addition on the
behavior of the composite. As characterized in the following section, the study starts with
the investigation of the mechanical properties of the as-cast Cu-La2O3 composite. The
acquired data were then advantageously used to assemble the numerical simulation to
predict the behavior of the composite during the ECAP processing. Along with examining
the mechanical properties, the experimentally prepared composite billets were subjected
to detailed investigations of microstructures and investigation of their thermal stability
(as electroconductive parts can experience temperature fluctuations). Subsequently, the
numerical simulations were focused on assessing the material plastic flow and stress–strain
conditions during processing, as well as on the processing parameters, such as deformation
temperature and punch load. Finally, the acquired results were put in correlation to
characterize the enhancement resulting from the performed processing steps.

2. Materials and Methods

2.1. Experimental

The used materials were electro-conductive CP Cu (impurities of, in wt.%, 0.002 O,
0.002 Zn, and 0.015 P), and La2O3 particles. The initial Cu was a commonly available as-cast
electro-conductive Cu rod (UCB Technometal, s.r.o., Loděnice u Berouna, Czech Republic),
while the La2O3 powder of 99.99% purity was obtained from Thermo Scientific Chemicals
Inc. (Waltham, MA, USA). The initial composite material was cast by vacuum induction
melting (VIM) to a 200 mm long billet with the diameter of 20 mm. Subsequently, the billet
was machined to acquire 100 mm long workpieces with the cross-section of 10 × 10 mm2

for room temperature ECAP processing, which was performed via a single pass through a
die with the bending angle of 110◦. In order to confirm robustness of the experiment and
repeatability of the results, all the experimental works, from casting to investigations, were
doubled with another billet. As no significant discrepancies in the mechanical properties,
microstructures, and overall behaviors of the billets were observed, the results from one
billet are presented to keep the manuscript within a reasonable length.

Mechanical properties of the as-cast composite, as well as ECAP-processed composites,
were at first examined using uniaxial compression testing (ASTM D7012-23 standard [71])
at room temperature (20 ◦C) and strain rate of 0.01 s−1. This particular strain rate was
chosen based on the fact that the experimental ECAP processing was performed using a
hydraulic press featuring very low strain rates, so the acquired data could subsequently be
used to reliably perform the numerical simulations. However, higher strain rate values of
0.1 s−1 and 10 s−1 were also applied in order to experimentally characterize the deformation
behavior of the prepared composite at a wider range of thermomechanical conditions, as
well as to assess its thermal stability. The testing was carried out using a Gleeble 3800-GTC
thermal-mechanical simulator equipped with a Hydrawedge II testing unit (both Dynamic
System Inc., Poestenkill, NY, USA), see, e.g., [72–74]. The specimens were of a cylindrical
shape with the dimensions of 10 mm in diameter and 15 mm in length. Each specimen
was deformed by uniaxial compression to the final true strain of 1.0. To reduce friction
on the contact surfaces between the anvils and the specimen and to protect the anvils,

144



Metals 2025, 15, 368

nickel-based lubricant with tantalum washers were used. The Gleeble 3800 equipment
and testing samples of the above-described dimensions were also used for the experiments
investigating the thermal stability of the ECAP-processed Cu-La2O3 composite. For this
purpose, the heat treatment regime of 250◦ C/30 min was selected and applied on the
ECAP-processed composite samples.

To experimentally acquire data on the mechanical properties for subsequent detailed
comparison of the deformation behavior of the composite with the results of numerical
simulations, Vickers microhardness HV0.05 was measured along two intersecting diagonals
across the cross-sections of both the as-cast and ECAP-processed billets (see Figure 1).
The load for the measurements was 50 g, and indent load time was 10 s (ASTM E384
standard [75], FM ARS 900 equipment by Future Tech, Spectrographic Limited, Leeds, UK).

 

Figure 1. Depiction of locations for microhardness measurements.

Finally, samples for scanning electron microscopy (SEM) (electron backscatter diffrac-
tion, EBSD), were prepared from both, the as-cast and ECAP-processed billets (SEM by
Tescan Orsay Holding a.s., Brno, Czech Republic). The billets were cut longitudinally along
the axis to prepare samples, which were mechanically ground, and finally polished via an
OPS (Oxide Polishing Suspension, by Struers s.r.o, Ostrava, Czech Republic). EBSD scans
were acquired both from relatively larger areas to provide overviews of the microstruc-
tures, as well as from detailed views on the microstructures with 0.05 μm scan step to
closely investigate the development of substructure. The results were evaluated with the
limit values of 5◦ for low angle grain boundaries (LAGB), and 15◦ for high angle grain
boundaries (HAGB).

2.2. Numerical Simulation

The numerical simulation of the ECAP process was assembled using the Forge soft-
ware (version NxT®, Transvalor S.A., Biot, France), see, e.g., [76,77]. The comparative
simulation of CP Cu was carried out using data files for 99.97% pure Cu already included
in the material database of the software. The material behavior of the prepared composite
was defined using the data acquired via the above-mentioned compression testing proce-
dure. The data needed to be implemented into the software to assess the behavior of the
composite. The material file of the prepared composite was filled in with the following
parameters: Young’s modulus E of 110 MPa, Poisson’s ratio ν of 0.3, specific heat capacity
c of 435 J·kg−1·K−1, and density ρ, of 8100 kg·m−3. The modification also consisted in
adjusting the material constants of the Hensel–Spittel rheology law [78], see Equation (1),

σ = A · em1·T · εm2 · .
ε

m3 · em4/ε · (1 + ε)m5·T · em7·ε · .
ε

m8·T · Tm9 (1)

where T (◦C), ε (-),
.
ε (s−1), and σ (MPa) represent the deformation temperature, true strain,

strain rate, and true flow stress, respectively. The constants originally determined for the
99.97% pure Cu were recalculated for the examined Cu-La2O3 composite using regression
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analysis of the experimentally acquired data. The resulting constants, together with the
original constants, are summarized in Table 1. When compared to the Hensel–Spittel model
for the pure Cu, the model assembled for the Cu-La2O3 composite differed significantly in
several key constants (see Table 1). These differences point to and explain the differences in
the results predicted for the Cu and Cu-La2O3 composite, as further discussed in Section 3.
Fundamental parameters affecting the material behavior are the coefficients influencing the
strain hardening/softening processes, i.e., m2, m4, m5, and m7 (constants related to true
strain). In the material database of the used Forge NxT® software, the constants m5 and m7

are equal to zero for pure Cu. However, for the Cu-La2O3 composite, these constants were
considered to be non-zero in order to achieve the most reliable fit of the experimental data
during the regression analysis.

Table 1. Material constants for 99.97% pure Cu and Cu-La2O3 composite.

Parameter Cu 99.97 Cu-La2O3

A 411.19 318.87
m1 −0.00121 −0.01241
m2 0.21554 −0.10732
m3 0.01472 0.00346
m4 −0.00935 −0.01617
m5 0 0.11678
m7 0 −0.90557
m8 0 0.00054
m9 0 −0.11201

The accuracy of the assembled model was verified by the root mean squared error
RMSE (5.042 MPa), and Pearson’s correlation coefficient R (0.998), calculated as follows
(Equations (2) and (3)):

RMSE =

√
1
n
·

n

∑
i=1

(Ei − Mi)
2 (2)

R =
∑n

i=1
(
Ei − E

) · (Mi − M
)

√
∑n

i=1
(
Ei − E

)2 · ∑n
i=1

(
Mi − M

)2
(3)

In Equations (2) and (3), Ei (MPa) and Mi (MPa) represent the i-th experimental and
modelled true flow stress, respectively, E (MPa) and M (MPa) represent the corresponding
arithmetic means, and i = [1, n] ⊂ N, where n is the number of datapoints.

The above-mentioned favorable values of RMSE and R parameters are further sup-
ported by the histogram, showing the distribution of residuals of the Hensel–Spittel rheol-
ogy law (Equation (1)), depicted in Figure 2. As can be observed, the model deviations from
the experimental data were mostly lower than 5 MPa (a negligible number of residues ex-
ceeded the limit of 10 MPa, with the maximum of 30 MPa). However, further analysis of the
residuals showed that such high deviations were exclusively associated with very low true
strain values (below ~0.025). This corresponds to the very beginning of the deformation
process and, therefore, does not fundamentally affect the accuracy of the calculations.

The assembly of the room temperature ECAP process for the numerical simulation,
i.e., channel (die), workpiece (billet), and plunger, is depicted in Figure 3. The initial
dimensions of the workpiece were 10 × 10 × 100 mm3, the dimensions of the plunger were
10.05 × 10.05 × 110 mm3, and the cross-section of the channel was 10.1 × 10.1 mm2, with
the bending angle of 110◦, all corresponding to the real experimental setup. The entire
die was a cylinder with the diameter of 300 mm and height of 300 mm. The workpiece
was considered as a deformable body, while both the tools (die, plunger) were considered
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as rigid bodies. Correspondingly, the die and plunger were surface-meshed, while the
workpiece, defined with tetrahedron elements, was volume-meshed. The mesh of the
workpiece consisted of a total of 13,128 nodes connecting 61,271 elements, while the
meshes of the plunger and channel consisted of 2120 and 4652 nodes connecting 4236 and
9304 elements, respectively. To increase the efficiency and reduce the time required to
calculate the simulations, anisotropic mesh was chosen, i.e., finer meshes were selected for
the workpiece, and die locations of primary interest (Figure 3). As for the die, the channel
part, being in a direct contact with the workpiece, was finely meshed, similar to the lower
part of the plunger. Based on our previous experience with numerical simulations of SPD
processes, the re-meshing procedure was activated.

Figure 2. Distribution of Hensel–Spittel model residues.

Figure 3. Graphical depiction of a cut through the assembly for ECAP processing.

The initial temperature of the workpiece, as well as of the die, plunger, and the ambient
environment, was 20 ◦C. The temperature conditions were based on the conditions of the
real ECAP process, which was performed at room temperature, without any preheating.
The thermal exchange between the equipment, i.e., steel die and plunger, and the workpiece
was determined by a heat transfer coefficient α of 10 000 W·m−2·K−1, and tool effusivity
E of 11,764 J·m−2·K−1·s−1/2 (interface with the rigid die). The surrounding environment
was set as air, and the thermal exchange between the assembly and the environment was
characterized by a heat transfer coefficient α of 10 W·m−2·K−1, which corresponds to the
assumption of free convection in the surroundings. Considering the fact that the ECAP
process is a bulk forming process, and taking into account our previous experience, the
combined (Coulomb and Tresca) friction law was selected. The friction between the tools
and the workpiece was determined using a friction coefficient μ of 0.05 and friction factor
m of 0.1. The movement of the plunger was controlled by a hydraulic press with the speed
rate of 1 mm·s−1.

In the following section, the results of the numerical simulations performed for the Cu-
La2O3 composite and, for comparison, for CP Cu are represented as graphical depictions of
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the distributions of the parameters of interest, i.e., temperature, effective strain, material
plastic flow, stress state, and punch load. For the purposes of more detailed investigations
of selected parameters, a monitoring plane was created along the longitudinal cross-
sectional cut through the workpiece, and three individual sensors were located on this
plane. Figure 4a shows that sensor 1 was located on one (top) workpiece surface, sensor 2
was located in the axis (i.e., middle of workpiece thickness), and sensor 3 was located at
the opposite (bottom) surface of the extruded workpiece. Furthermore, a superimposed
grid defined with square cells with the dimensions of 0.5 × 0.5 mm2 was created in the
monitored plane to observe the material plastic flow (Figure 4b).

 
(a) (b) 

Figure 4. Axial cutting plane with localization of: sensors (a), superimposed grid (b).

3. Results and Discussions

3.1. Experimental Analysis
3.1.1. Mechanical Behavior

The results of the compression tests performed for both the Cu-La2O3 composites
(as-cast and ECAP-processed) at the strain rate of 0.01 s−1 are depicted as the true flow
stress–true strain curves in Figure 5. The figure shows that the maximum flow stress,
achieved at the true strain of 1.0, was 340 MPa for the as-cast composite, and reached to
382 MPa for the ECAP-processed one. The difference in the maximum values was thus
approximately 13%. Nevertheless, the behaviors of both the material states during the
loading differed significantly. The as-cast composite exhibited a steep increase in the flow
stress up to the value of ~170.4 MPa (true strain of 0.37). After reaching this value, the
increase continued, but in a more gradual manner. On the other hand, the ECAP-processed
composite exhibited a rapid increase in the flow stress up to the value of ~352.5 MPa
(true strain of 0.055). With continuing deformation, the material exhibited more or less
steady state like behavior. The rapid increase in flow stress observed at the very beginning
of deformation for both the investigated material states can be attributed to rapid work
hardening due to the presence of oxide particles acting as effective barriers for dislocations
movement (introducing dislocations pinning and pile-ups) [17]. The acquired results can
be compared to those acquired by Zhang et al. [79], who investigated the compressive
strengths of Cu with additions of Y2O3 of 4, 7, and 10 wt.%. The compressive yield strengths
achieved herein were 274, 438, and 613 MPa, respectively. Considering that the composite
features presented herein were 5 wt.% of La2O3, the strengthening effect can be considered
comparable to that of Y2O3. However, adding La2O3 is more favorable as it is less costly
and generally features better room temperature conductivity than Y2O3 [80]. The very high
initial increase in flow stress observed for the ECAP-processed composite studied herein can
be attributed to the deformation history, i.e., to the ECAP-processing introducing numerous
lattice defects, substructure development, and accumulation of dislocations (primarily at
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subgrain boundaries and oxide particles, as further discussed). It also confirms the highly
favorable effect of La2O3 on dislocations pinning during deformation.

Figure 5. Flow stress curves for Cu-La2O3 composites, as-cast and ECAP-processed.

The fact that the microstructures and mechanical properties of SPD-processed ma-
terials are strongly dependent on temperature is known [81–83]. In this respect, thermal
stability of the ECAP-processed composite under various thermomechanical conditions
was further investigated. Figure 6a depicts the true flow stress–true strain curves ac-
quired at the strain rates of 0.1 s−1 and 10 s−1 for the ECAP-processed composite, while
Figure 6b depicts the true flow stress–true strain curves at identical strain rates for the
ECAP-processed composite further subjected to the 250 ◦C/30 min heat treatment.

(a) (b) 

Figure 6. Flow stress curves of ECAP-processed composite: with no heat treatment (a), and after
250 ◦C/30 min heat treatment (b).

As can be seen in Figure 6a, the samples taken from the ECAP-processed composite
with no heat treatment exhibited very similar deformation behaviors regardless the applied
strain rate. This points to a relatively high stability of the ECAP-processed composite at
room temperature. The fact that higher values of flow stress were achieved for the higher
strain rate of 10 s−1 corresponds to: (i) the general hypothesis applicable for deformation
processing of the majority of metallic alloys, (ii) the presence of La2O3 particles. In other
words, the increased flow stress was related to: (i) the aggravated conditions for possible
development of dynamic restoration processes given by speeding up the process of plastic
deformation (i.e., work hardening dominated over dynamic restoration) [84], as well as
(ii) increased frequency of interactions between dislocations and oxide particles during
the (substantial) work hardening. As can be seen in Figure 6a, both the flow stress curves
exhibited slight but continuous increases after reaching the strain value of 0.1 s−1. In
other words, work hardening, supported by the intense dislocations pinning effect of
the reinforcing oxide particles, dominated over dynamic softening (recovery) within the
ECAP-processed composite under all the examined strain rates.
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Figure 6b then documents that the applied heat treatment significantly influenced
the deformation behavior of the ECAP-processed composite. The work hardening was
significant already at the beginning of testing, and was visibly more progressive than in
the case of the ECAP-processed composite with no heat treatment (compare Figure 6a,b,
the flow stress curves in the latter exhibited steeper increases). Despite the fact that both
the examined material states achieved similar flow stress values at the true strains at which
deformation softening occurred, the deformation behaviors differed entirely. After reaching
the peak stress, both the flow stress curves exhibited plateaus, followed with flow stress
decreases. Such behavior confirmed the occurrence of dynamic softening, i.e., dynamic
recrystallization. Although the applied heat treatment temperature of 250 ◦C was relatively
low to trigger dynamic recrystallization, the process was initiated by the accumulated
energy (severe strain imposed during ECAP), which lowered the necessary activation
temperature [84]. Figure 6b also shows that the flow stress curve acquired for the strain
rate of 0.1 s−1 exhibited a more significant decrease compared to that acquired for 10 s−1,
i.e., softening was more prominent at the lower strain rate. This finding can be attributed
to the differences in the mutual effects of work hardening and subsequent heat treatment
and can be explained by similar phenomena as above, i.e., by speeding up the deformation
process, the conditions for possible development of dynamic restoration were aggravated.
It confirms the results acquired for the ECAP-processed composite with no heat treatment,
and is in accordance with the above-mentioned hypothesis.

3.1.2. Vickers Microhardness

The average Vickers microhardness, measured for the CP Cu used to fabricate the Cu-
La2O3 composite, was 46.2 HV0.05. The results of measurements of Vickers microhardness for
the cross-sectional samples taken from both the as-cast and ECAP-processed composites are
summarized in Figure 7. The measurements were performed along the intersecting diagonals
across the cross-sections of the workpieces, as depicted in Figure 1. The as-cast Cu-La2O3

composite featured the average microhardness value of 90.1 HV0.05, which represents almost a
100% increase when compared to the original CP Cu. As shown in Figure 7, the diagonal trends
across the cross-section of the as-cast composite were more or less random. In other words, the
as-cast composite did not feature any clear decreasing/increasing trend in the microhardness
across the cross-section, neither did it exhibit any severe local HV drops/increases, which would
point to the presence of clusters of oxide particles.

Figure 7. Vickers microhardness measured along intersecting diagonals across cross-sections of
as-cast and ECAP-processed composites.

The average Vickers microhardness value for the composite processed via a single pass
ECAP increased to 100.6 HV0.05, which is another increase by more than 10% compared
to the as-cast composite, and more than 120% increase when compared to the original
CP Cu. Contrary to the as-cast composite, the microhardness values measured across
the cross-section of the ECAP-processed composite exhibited a decreasing trend towards
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the bottom edge of the workpiece. In other words, the microhardness exhibited a trend
specific for ECAP processing: the composite processed via ECAP exhibited increased
microhardness values primarily in its (sub)surface region, in the vicinity of the top edge
of the billet [54,85]. This phenomenon, which will further be discussed also in correlation
with the results from the numerical simulations, can primarily be attributed to the influence
of friction between the (sub)surface material layers and ECAP die. By the effect of friction,
the material plastic flow was aggravated in this region, and thus the grains sheared and
fragmented significantly therein. This effect was supported even more by the presence of
oxide particles pinning the occurring and moving dislocations. These factors resulted in
the observed microhardness increase (especially in the top workpiece region). Towards the
bulk volume of the ECAP-processed composite, the effect of friction gradually mitigated.
Therefore, the microhardness values gradually decreased, then remained more or less
constant with no excessive deviations throughout the cross-section.

The phenomenon of cross-sectional inhomogeneity can be reduced by several ap-
proaches, one of which is applying multiple ECAP passes [86–88]. Another one is incorpo-
rating another feature in the die, such as when applying the twist channel (multi) angular
pressing method (TCAP, TCMAP) [62,89]. These approaches were proven to successfully
improve the homogeneity of the effective imposed strain across the cross-section of an
ECAP-processed workpiece.

3.1.3. Microstructure

The microstructure of the as-cast Cu-La2O3 composite was analyzed at first. The
Orientation Image Map (OIM) depicted in Figure 8a shows that the microstructure of the
as-cast composite consisted of coarse equiaxed grains featuring a major fraction (more than
90%) of HAGB. The arithmetic mean grain size for the as-cast composite (measured as
equivalent circle diameter) reached up to 190 μm, and the grains exhibited no dominant
preferential orientations. Figure 8b, showing a detailed phase map of the as-cast composite,
depicts that the distribution of the La2O3 particles within the Cu grains was more or less
homogeneous. The homogeneity of the as-cast microstructure was documented by the
stress–strain curve (Figure 5) and microhardness (Figure 7) acquired for the as-cast material
state, both of which exhibited homogeneous trends with no obvious discrepancies (which
could be caused by possibly present inhomogeneities or casting defects).

(a) (b) 

Figure 8. Microstructure of as-cast Cu-La2O3 composite: OIM image (a); phase map (b).

Figure 9a shows the OIM image of the microstructure of the ECAP-processed Cu-
La2O3 composite. As can be seen, a single ECAP pass imparted substantial changes in
the micro and substructure. The grains, which were more or less randomly oriented after
casting, exhibited the tendency to form typical <111> || SD (shear direction) shear texture
fiber already after the single pass ECAP; see also the Inverse Pole Figures (IPF) depicting
texture orientations and texture intensity in Figure 9b. The fraction of LAGB changed
remarkably, too, and increased from a negligible value observed before ECAP-processing
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up to more than 17%. Both tendencies—to form substructure (increase in the fraction of
LAGBs) and texture fibers—can be attributed to the fact that the La2O3 particles acted as
effective obstacles and hindered the movement of dislocations [17,52]. This hypothesis
was confirmed by subsequent detailed observations, which revealed the presence of shear
bands within the ECAP-processed Cu grains. Figure 9c depicts the OIM map showing a
more detailed view on the microstructure of the ECAP-processed composite, while the OIM
image in Figure 9e shows a very close view depicting the substructure. Both the Figures
clearly show the presence of dislocation walls and developing subgrains in the shear bands
within a single grain affected by the ECAP processing. Sousa et al. [90] previously reported
that a single ECAP pass is able to increase the dislocations density within pure Cu to more
than 1 × 1012. Such an increase in dislocations density imparted by ECAP, together with
the presence of La2O3 particles, non-negligibly resulted in the intense strain hardening, as
documented in Sections 3.1.1 and 3.1.2. As revealed by the phase map depicted in Figure 9d,
as well as by the very detailed phase map shown in Figure 9f, (the close vicinity of) the shear
band boundaries exhibited the presence of (increased volume fractions) the oxide particles.
In other words, the analysis confirmed that the presence of La2O3 particles supported the
development of substructure and shear banding within the composite workpiece during
ECAP processing (both of which contributed to increase in the mechanical properties, as
discussed above). The experimentally acquired results on microstructures and mechanical
properties are further put in correlation with the overall material behavior, which was
examined via a numerical simulation (Section 3.2).

 
(a) 

 
(b) 

 
(c) 

Figure 9. Cont.
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(d) 

(e) (f) 

Figure 9. Microstructure of ECAP-processed Cu-La2O3 composite: OIM image (a); IPF images (b).
Detailed views on microstructure: OIM image (c); phase map (d). Close view on substructure: OIM
image (e); phase map (f).

3.2. Numerical Prediction
3.2.1. Deformation Temperature

The predicted developments of deformation temperature within the Cu-La2O3 com-
posite and CP Cu during the ECAP process are depicted in Figure 10a. Both the workpieces
clearly exhibited slight increases in temperature in the region of the main deformation
zone (i.e., passage through the channel bending). For both the investigated materials, this
phenomenon can be attributed to the development of deformation heat, see, e.g., [85,89].
However, the Figure also demonstrates that this increase was more intense (approximately
by 20%) for the composite with La2O3 particles than for the CP Cu. This finding is in accor-
dance with the expected substantial development of dislocations during ECAP processing,
and also confirms that the presence of the oxide particles contributed to a more intense
work hardening within the composite.

(a) (b) 

Figure 10. Temperature distribution during ECAP processing: contours (a), time development for
individual sensors (b).

As regards the bulk volume of an extruded workpiece, the highest temperature
was detected in sensor 2 (i.e., in the vicinity of workpiece axis) for both the investigated
materials; see Figure 10b depicting the developments of temperature in time of extrusion
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for both the CP Cu and Cu-La2O3. This result is in agreement with the localization of the
main deformation zone in the ECAP die, the simple shear in which is the most intense, and,
simultaneously, temperature transfer into the die is the most aggravated, also due to the
occurrence of the dead zone (Section 3.2.5).

3.2.2. Effective Strain

Figure 11a depicts the distributions of the effective imposed strain within both the
CP Cu and Cu-La2O3 composite during ECAP processing. Similar to the distributions
of deformation temperature, both the extruded workpieces exhibited increased imposed
strain after passing through the main deformation zone of the die. Figure 11b shows
gradual increases in strain over time in the individual sensors for both the materials; such
development corresponded to gradual approaching of a workpiece (location with the
sensors) to the main deformation zone. Entering of a workpiece (i.e., location with sensors)
to the main deformation zone was then accompanied with a rapid increase in the effective
imposed strain. Further, as the workpiece passed through the channel bending zone, the
effective imposed strain remained more or less constant. However, the differences between
both the processed workpieces were evident.

 
(a) (b) 

Figure 11. Distribution of imposed effective strain during ECAP: contours (a), time development for
individual sensors (b).

Primarily, the increase in strain was again greater for the composite than for CP Cu, in
all the monitored sensors. In other words, the predicted maxima of the effective imposed
strain were higher for the Cu-La2O3 composite. This finding was in accordance with: (i) the
experimental results and above-mentioned hypotheses on dislocations development and
work hardening, and (ii) the fact that the values of the strain hardening/softening constants
acquired for the reliable fit of the Hensel–Spittel model (Equation (1)) for the Cu-La2O3

composite pointed to a more significant work hardening when compared to CP Cu. Also,
during the processing, two interesting phenomena were noticed. The first one was that the
increase in the effective strain in time was quicker for the composite than for the CP Cu.
In other words, the Cu-La2O3 composite exhibited a more rapid increase in the imposed
strain in all the examined locations than CP Cu, which was confirmed by steeper growths
of the curves at the time of 40–60 s, see Figure 11b. This phenomenon can be attributed
to the rapid work hardening of the composite, as also documented by the experimentally
acquired data (Sections 3.1.1 and 3.1.2). The second intriguing phenomenon was that sensor
1 for the CP Cu generally exhibited slightly lower increase in the effective imposed strain
than sensors 2 and 3. The effective imposed strain in the top (sub)surface region of the
composite (sensor 1) thus achieved a higher maximum value (by ~20%) when compared
to CP Cu. This phenomenon again points to intense dislocations development and work
hardening of the composite. However, it also points to a certain inhomogeneity of the
imposed strain across the cross-section of the workpiece.
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The cross-sectional inhomogeneity can be explained by the material plastic flow, i.e.,
the paths the atoms (crystallites) take during passing through the ECAP channel (see
also Section 3.2.5 on plastic flow). The strain imposed during ECAP processing generally
tends to be the highest along the top surface (sensor 1) of a workpiece, as the paths of the
crystallites in the (very) vicinity of the top workpiece–die interface are the shortest [54,85].
Towards the longitudinal axis of a workpiece (sensor 2) the paths of the crystallites lengthen,
and are the longest along the bottom workpiece surface, in the (very) vicinity of the bottom
workpiece–die interface (sensor 3). For this reason, the effective imposed strain generally
tends to be higher along the top surface of a processed workpiece than along its bottom
surface. The inhomogeneity can also be affected by friction (i) and (ii) die bending angle.
(i) The effect of friction, aggravating the material plastic flow at the workpiece–die interface,
diminishes towards the bulk of the processed workpiece [91,92]. (ii) Die angles higher
than 90◦ are generally preferred for processing of materials with low formability, such as
Mg-based ones [56,93], or materials for which a high hardening rate is expected, such as
the Cu-La2O3 composite. On the other hand, increasing the die bending angle generally
decreases the maximum imposed strain achievable within a single pass, and increases the
cross-sectional inhomogeneity [94,95].

The predicted results went hand in hand with the experimentally observed inhomo-
geneity in microhardness (Section 3.1.2). Nevertheless, the absolute value of the imposed
strain is dependent on the particular material behavior. Note that the difference in the
imposed strain between sensor 1 and sensor 2 was substantially higher for the composite
than for the CP Cu, Figure 11b. The most probable reason for this was the presence of oxide
particles imparting differences in the material plastic flow, as further discussed in detail.
The presence of the oxide particles introduced the above-mentioned work hardening, mod-
ified the effectivity of the acting simple shear deformation mechanism and consequently
changed the plastic flow, i.e., depth of penetration of the imposed strain into the bulk of
the workpiece. The comparisons of the predicted effective imposed strain for both the CP
Cu and Cu-La2O3 composite depicted in Figure 11a,b document that the latter exhibited a
higher hardening rate during ECAP processing, although the inhomogeneity typical for
materials processed with a single pass ECAP could be observed for both.

3.2.3. Stress Distribution

The predicted distribution of von Mises stress depicted in Figure 12a shows evident
differences between the two ECAP-processed materials. The Cu-La2O3 composite exhib-
ited the maximum stress of up to 600 MPa when passing through the main deformation
zone, which was by up to 50% higher than the maximum stress predicted for the CP Cu.
This indicates that the Cu-La2O3 composite required a (much) greater punch load to be
successfully deformed by the ECAP process than CP Cu (see also Section 3.2.4). This
finding supported the experimentally acquired results and confirmed that the addition of
La2O3 particles has a highly strengthening effect on Cu. When compared to the CP Cu, the
Cu-La2O3 composite exhibited notable increase in stress, especially in the vicinity of the top
workpiece–die interface. Similar to the effective strain distribution, the stress distribution
corresponds with the observed cross-sectional inhomogeneity of mechanical properties, as
documented in Section 3.1.3.
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(a) 

(b) 

Figure 12. Predicted distribution of: von Mises stress (a), residual stress (b).

Figure 12b depicts predicted residual stress within the ECAP-processed workpieces.
As evident from the Figure, the maximum values of both the tensile and compressive
stress were substantially higher (by more than 20%) for the composite than for the CP Cu.
Interestingly, the majority of the volume of the ECAP-processed composite exhibited tensile
residual stress, while the processed CP Cu featured predominantly compressive residual
stress. The presence of tensile stress is related to a higher risk of occurrence of cracks during
processing. In this respect, processing of the composite via ECAP can be considered to be
more problematic than ECAP processing of CP Cu. With a high probability, the presence
of tensile residual stress originated from the presence of a highly effective mechanism of
work hardening introduced by the oxide particles.

3.2.4. Punch Load

Among the very important parameters characterizing deformation processing is the
force that needs to be applied for the process to be successfully performed. In case of
ECAP processing, the punch load parameter is crucial for the choice of a suitable extrusion
machine, as well as for determination of punch stability and durability. Figure 13 shows
that the necessary load for ECAP processing of the Cu-La2O3 composite can be up to 30%
higher in comparison with ECAP processing of CP Cu. In addition, two distinct differences
can be noticed. First, processing of the composite featured a substantially higher increase
in the load force than processing of the CP Cu at the moment of entering/crossing the main
deformation zone (time of extrusion ~15 s). Second, contrary to the punch load predicted
for the CP Cu, the load predicted for the composite featured a final increase at the very end
of processing. The most probable reason for these differences was the presence of the oxide
particles and their influence on the work hardening; the oscillations on both the curves are
typically related to instability of material plastic flow, which, again, goes hand in hand with
work hardening. The punch load is another factor supporting the experimentally acquired
results and predicted differences between both the examined materials.

156



Metals 2025, 15, 368

 

Figure 13. Development of punch load in time during ECAP processing.

3.2.5. Plastic Flow

The (differences in the) material plastic flows of both the processed materials were
the primary reasons for/consequences of the majority of the above discussed differences
observed during the simulation, as well as experiment. At first, the predicted plastic flow
was evaluated using the superimposed grid (see Figure 14a). The grid clearly shows the
differences in the intensity of forward material flow of the Cu-La2O3 composite and CP Cu.
The original square cells of the grids within both the workpieces were deformed by the
effect of simple shear. However, the effect of the oxide particles, acting as effective obstacles
for dislocations movement and thus aggravating the forward plastic flow, is clearly visible
in Figure 14a. In case of CP Cu, a more complicated material plastic flow can be expected
as this material features (virtually) no obstacles, such as precipitates and oxide particles
(pure metals tend to exhibit more “turbulent” plastic flows than alloys or composites),
e.g., [89]. On the other hand, the material plastic flow of the Cu-La2O3 composite exhibited
the tendency to delay, particularly along the top and bottom interfaces. This was primarily
caused by the effect of friction and intense work hardening in these regions. The plastic
flow was aggravated already in the main deformation zone (the transverse lines of the
grid within the CP Cu evidently moved faster than those within the composite). This
phenomenon also directly affected the size of the dead zone, i.e., the zone in the corner of
the bending channel, the workpiece in which was not in contact with the channel wall. The
dead zone was thus larger when processing CP Cu than the composite, see Figure 14a,b.
Increasing the size of the dead zone generally results in a higher heterogeneity of the
imposed strain [96]. As can be seen from the comparison of the imposed strains for both
the workpieces (Figure 11b), the material plastic flow predicted within this study is in
accordance with this hypothesis. Figure 14b then shows that the velocity of the material
plastic flow of the composite tended to decelerate in the main deformation zone. The plastic
flow vectors in the bulk of the composite changed their directions, particularly in the area
of the inner corner of the die channel. In other words, the plastic flow within the composite
exhibited a tendency to flow towards the outer corner of the die, contrary to CP Cu. By this
effect, the size of the dead zone decreased during ECAP processing of the composite (see
Figure 14b).

Considering the results acquired from the experimental investigation and numerical
simulation of a vacuum induction cast Cu-La2O3 composite processed via a single pass
ECAP and their mutual correlation, the conclusion that such a composite could be manu-
factured by the proposed method in commercial conditions can be drawn. The designed
composite could be used to manufacture little durable components, such as specific com-
ponents in the microelectronics, and their final properties could be tailored by modifying
and optimizing the processing conditions, especially when considering wider processing
possibilities, such as the application of TC(M)AP or multiple pass ECAP. Nevertheless, in
order to tailor and optimize the properties of such a Cu-La2O3 composite for application in
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the microelectronics, the relation of processing conditions and electric conductivity should
be further investigated. Our prospective research is going to involve a study of the effects
of ECAP processing by multiple passes via various deformation routes on the homogeneity
of the imposed strain across the cross-sections of Cu-La2O3 composite workpieces, in
correlation with the electric properties.

 
(a) 

(b) 

Figure 14. Plastic flow during ECAP: superimposed grids (a), vector profiles (b).

4. Conclusions

The study involved experimental and numerical examination of an innovative Cu-
based composite with 5 wt.% addition of La2O3, processed by equal channel angular
pressing (ECAP) through a 110◦ die. The most important results were:

- La2O3 hindered movement of dislocations and supported the development of
shear bands and substructure during ECAP; their presence promoted formation
of <111>||SD texture.

- ECAP processing caused accumulation of dislocations and consequently increased the
maximum flow stress of the composite to 382 MPa, average Vickers microhardness
increased by 120% compared to CP Cu.

- the composite exhibited substantial work hardening, which increased the effective
imposed strain, but at the expense of tensile residual stress and increased punch load;
the presence of La2O3 directly influenced the size of the dead zone in the ECAP die.

- the energy accumulated during ECAP decreased the activation energy for dynamic
recrystallization and influenced thermal stability of the mechanical properties.

The acquired results document that the ECAP method is highly promising for prepa-
ration of Cu-based composites with enhanced mechanical properties. The observed inho-
mogeneities introduced by the ECAP process can be overcome by optimized additional
deformation processing (e.g., using multiple ECAP passes).
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Abstract: The structural, mechanical, dislocation, and electronic properties of the Sc3AlC
MAX phase under applied pressure are investigated in detail using first-principles calcula-
tions. Key parameters, including lattice parameter ratios, elastic constants, Young’s modu-
lus, bulk modulus, shear modulus, brittle-to-ductile behavior, Poisson’s ratio, anisotropy,
Cauchy pressure, yield strength, Vickers hardness, and energy factors, are systematically
analyzed as a function of applied pressure. The results demonstrate that the Sc3AlC MAX
phase exhibits remarkable mechanical stability within the pressure range of 0 to 60 GPa.
Notably, applied pressure markedly improves its mechanical properties, such as resis-
tance to elastic, bulk, and shear deformations. The B/G ratio suggests a tendency toward
ductile behavior with increasing pressure, and the negative Cauchy pressure indicates
the directional characteristics of interatomic bonding in nature. Vickers hardness and
yield strength increase under pressures of 0 to 10 GPa and then decrease sharply above
50 GPa. High pressure suppresses dislocation nucleation due to the increased energy fac-
tors, along with twinning deformation. Furthermore, electronic structure analysis confirms
that high pressure enhances the interatomic bonding in the Sc3AlC MAX phase, while
the enhancement effect is not substantial. This study offers critical insights for designing
MAX phase materials for extreme environments, advancing applications in aerospace and
electronics fields.

Keywords: MAX phase; first-principles calculations; mechanical properties; energy factor;
high pressure

1. Introduction

Ceramic materials are valued for their high hardness, as well as excellent corrosion and
oxidation resistance. Nevertheless, their inherent brittleness restricts their use in structural
applications. On the other hand, metallic materials exhibit superior toughness despite
inherently inferior corrosion and oxidation resistance [1,2]. In order to combine the advan-
tages of both, a class of materials known as cermets has emerged. Specifically, MAX-phase
ceramics (transition metal carbides/nitrides) have attracted significant attention due to
their unique layered atomic structure and an exceptional combination of physicochemical
properties. As a result, these materials synergistically integrate high hardness and strength
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with excellent electrical conductivity and thermal stability, thereby positioning them as
promising candidates for diverse advanced engineering applications [3,4]. Furthermore,
MAX phases exhibit outstanding plasticity at elevated temperatures, alongside high frac-
ture toughness, thermal shock resistance, and stiffness. Consequently, these attributes
render them suitable for applications in high-temperature components, wear-resistant
coatings, and corrosion-resistant systems [5–9].

As a typical MAX-phase cermet, Sc3AlC exhibits unique performance advantages,
especially in the aerospace industry. Owing to its high specific strength, excellent oxidation
resistance, and superior corrosion resistance [10,11], Sc3AlC is well-suited for manufac-
turing high-performance aerospace engine components (e.g., engine components under
hypersonic flight loads), as well as structural materials for aircraft. In the field of electron-
ics, the semiconductor properties and outstanding electrical performance of Sc3AlC [12]
facilitate its application in the development of advanced electronic devices, including field-
effect transistors and solar cells, thereby driving advancements in electronic technology.
Compared to mainstream materials, such as titanium alloys (e.g., Ti-6Al-4V) and nickel-
based superalloys in aerospace, or silicon and gallium arsenide in electronics, Sc3AlC offers
distinct advantages. Titanium alloys provide excellent strength-to-weight ratios but suffer
from inferior oxidation resistance at high temperatures, requiring protective coatings that
increase costs and complexity. Nickel-based superalloys, while robust at high temperatures,
are denser and less corrosion-resistant in harsh environments. Sc3AlC, with a density
comparable to titanium alloys (~4.5 g/cm3) and superior oxidation resistance, reduces the
need for coatings and enhances durability in oxidative environments [10,11]. In electronics,
silicon is cost-effective but lacks the mechanical robustness of Sc3AlC, which can integrate
structural and functional roles in next-generation devices. Other MAX phases, such as
Ti2AlC or Ti3AlC2 [9], share similar advantages but may have lower specific strength or elec-
trical conductivity compared to Sc3AlC due to differences in composition and bonding [4,6].
Despite its promising properties, the widescale implementation of Sc3AlC faces several
obstacles, primarily the high cost and limited availability of scandium, which is a rare and
expensive element compared to titanium or other transition metals used in MAX phases
like Ti2AlC or Ti3AlC2 [9]. Synthesis challenges also pose barriers, as producing high-
purity Sc3AlC requires precise control to avoid defects or impurities that could degrade its
mechanical and electrical properties. Additionally, scalable manufacturing processes, such
as cost-effective powder metallurgy or additive manufacturing, are not yet fully optimized
for scandium-based MAX phases, limiting their commercial viability [3]. However, recent
progress is addressing these challenges. Advances in synthesis techniques, such as spark
plasma sintering and reactive hot pressing, have improved the quality and affordability of
MAX phases like Ti3SiC2 and Ti2AlC, which are now used in applications such as turbine
blades, heat exchangers, and protective coatings [3,9]. Similar methods have been success-
fully applied to Sc3AlC, with recent studies reporting high-purity synthesis via reactive
sintering at reduced temperatures, enhancing feasibility for industrial-scale production [12].
These developments, coupled with the growing industrial adoption of other MAX phases
in aerospace, suggest a promising trajectory for Sc3AlC in high-value applications.

Currently, research on Sc3AlC MAX-phase materials has made significant progress.
From a structural perspective, both experimental studies and theoretical calculations have
confirmed that its crystal structure is of the anti-perovskite type, with a space group of Pm-
3m [13–15]. Nevertheless, research on Sc3AlC under high-pressure conditions is still limited.
Owing to limitations in high-pressure experimental techniques, the available data on its
mechanical properties and electronic structure evolution under extreme pressure are scarce,
thereby hindering the acquisition of comprehensive and precise information. Consequently,
current studies are still constrained in fully elucidating the complex effects of high pressure
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on its structural stability and electronic characteristics. Several critical scientific issues
require further investigation. These include systematic investigation of the evolution of
mechanical properties, particularly the variation of elastic modulus and yield strength
under high pressure; exploration of the mechanisms by which high pressure influences its
electronic structure, including changes in band structure and electronic density of states;
and analysis of the phase transition behavior of Sc3AlC under extreme conditions and its
impact on overall performance. Therefore, this study aims to systematically investigate
the structural, mechanical, dislocation, and electronic properties of the Sc3AlC MAX phase
under high pressure. Addressing these critical issues will not only contribute to a deeper
understanding of the high-pressure behavior of the Sc3AlC MAX phase, but also provide
valuable guidance for extreme environment applications.

2. Methodology

First-principles calculations based on density functional theory (DFT) are executed
using the Vienna ab initio Simulation Package (VASP) [16,17] to systematically investigate
the electronic structure and mechanical properties of Sc3AlC. The ion-electron interactions
are modeled using the Projected Augmented-Wave (PAW) method [18] to ensure accurate
electronic structure modeling. The generalized gradient approximation (GGA) with the
Perdew-Burke-Ernzerhof (PBE) functional is adopted to describe the exchange-correlation
potential [19]. The calculations, performed within the DFT framework, utilize a cubic
Sc3AlC structure (space group Pm-3m). A plane-wave basis set with a kinetic energy cutoff
of 550 eV is applied to expand the electronic wavefunctions. The Brillouin zone is sampled
using an 11 × 11 × 11 Γ-centered k-point mesh to ensure high-precision k-space integra-
tion [20]. Convergence criteria are set to 0.01 eV/Å for atomic forces and 10−6 eV/atom for
total energy. To evaluate pressure-dependent behavior, applied pressures range from 0 to 60
GPa. Total energy calculations under compressive strains are conducted to assess mechan-
ical properties and high-pressure stability. The electronic structure is evaluated through
density of states (DOS) calculation. The results are employed to examine element-specific
contributions (Sc, Al, C) to the electronic structure. The electronic configurations—Sc (3d1

4s2), Al (3s2 3p1), and C (1s2 2s2 2p2)—critically influence bonding characteristics and
material stability. Figure 1 depicts the cubic crystal structure of the Sc3AlC unit cell.

 
=Figure 1. Structural model of Sc3AlC MAX phase with a0 = 4.500 Å.

3. Results and Discussions

3.1. Structure Properties and Stability

The equilibrium crystal structure of Sc3AlC in the MAX phase is determined through
first-principles calculations. The total energy-volume dependence is characterized using
the Birch-Murnaghan equation of state [21], providing a precise description of energy
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variations as a function of volume. The equilibrium volume is evaluated by systematically
varying the volume from 0.9 V0 to 1.1 V0, where V0 denotes the equilibrium volume under
the condition of P = 0 and T = 0. Figure 2 demonstrates that the structure reaches its
minimum total energy (Et = −34.548438 eV) at an equilibrium volume of V0 = 91.13 Å3.
The equilibrium lattice constant (a0) is calculated as 4.500 Å. These results are derived
under the condition of P = 0 and T = 0, confirming that the calculated values reflect the ideal
equilibrium structure of Sc3AlC in the MAX phase. Table 1 illustrates that the calculated
results show good agreement with prior experimental and theoretical studies [10,12,22–27].

= =

 

Figure 2. The correlation between total energy and unit cell volume.

Table 1. Lattice parameter of Sc3AlC MAX phase compared with experimental and theoretical values.

Sc3AlC Present Experimental Values Theoretical Values

Lattice parameter 4.500 4.498 [22], 4.48 [10], 4.508 [26], 4.480 [25], 4.508 [23],
4.5004 [12] 4.51 [27], 4.51 [24], 4.5119 [12]

To further investigate the effect of high pressure on the crystal structure of Sc3AlC, this
study conducts a series of systematic structural optimization calculations under different
pressure conditions, accurately determining the equilibrium lattice constant and volume
of Sc3AlC within the pressure range of 0 to 60 GPa. The corresponding trends are shown
in Figure 3. It is clearly observed that as the pressure increases from 0 to 60 GPa, both
the lattice constant ratio a/a0 and the volume ratio V/V0 exhibit a decreasing trend. This
indicates that under high pressure, the interatomic distances within Sc3AlC continuously
decrease, leading to a denser atomic arrangement and enhanced electron interactions.
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Figure 3. Variation curves depicting V/V0 and a/a0 ratios versus applied pressure.

In anisotropic materials, structural stability is intrinsically linked to elastic constants
Cij, which indicate the material’s ability to resist elastic deformation. Elastic constants Cij not
only characterize the material’s response to external stresses but also highlight directional
variations in mechanical properties. For cubic crystals, especially under high-pressure or
large-strain conditions, elastic constants (C11, C12, and C44) are critical in determining the
material’s resistance to stress-induced deformation. In solid-state physics, the stability of
cubic crystals is primarily evaluated based on their elastic constants [28–30]. The stability
criteria are defined by specific conditions related to elastic constants, ensuring that the
crystal remains stable under diverse external stresses.

(C11 − C12) > 0, C11 > 0, C44 > 0, (C11 + 2C12) > 0 (1)

The computational results obtained in this study demonstrate strong agreement with
previous theoretical calculations reported in references [22–27], as evidenced by the compar-
ative analysis presented in Table 2. This consistency between our findings and established
theoretical frameworks not only corroborates the validity of our computational approach
but also reinforces the reliability and precision of the current research methodology.

Table 2. Calculated results compared with other theoretical data at T = 0 and P = 0 (Unit: GPa).

Sc3AlC Present Theoretical Data

C11 235.2 220.85 [26], 224.90 [25], 219.20 [23], 220 [24], 225 [27], 220 [22]
C12 45.21 42.15 [26], 40.50 [25], 40.35 [23], 40 [24], 41.5 [27], 43 [22]
C44 80.08 80.12 [26], 80.80 [25], 80.19 [23], 79 [24], 80.3 [27], 79 [22]
B 108.54 101.72 [26], 101.60 [25], 99.98 [23], 99.91 [24], 102.70 [27], 102 [22]
E 203.62 197.03 [26], 199.70 [25], 196.40 [23], 195 [24], 199.27 [27]
G 85.74 83.69 [26], 85.10 [25], 83.80 [23], 83.26 [24], 84.68 [27], 83 [22]
σ 0.16 0.18 [26], 0.17 [25], 0.17 [23], 0.17 [24], 0.18 [27], 0.18 [22]

To explore the effect of high pressure on the elastic properties of Sc3AlC, the elastic
constants are calculated in the pressures range of 0 to 60 GPa. Figure 4 depicts the variation
of elastic constants (C11, C12, and C44) as a function of pressure. As pressure increases
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from 0 to 60 GPa, the elastic constants exhibit a monotonic increase, rising steadily from
their initial values. This behavior indicates that Sc3AlC maintains structural stability under
high pressure. Notably, these elastic constants fulfill the stability criterion defined by
Equation (1). The results demonstrate that Sc3AlC retains structural stability under high
pressure and exhibits enhanced resistance to structural phase transitions.

 

Figure 4. Variation curves depicting elastic constants Cij versus applied pressure.

3.2. Mechanical Properties

The moduli of materials, including bulk modulus B, Young’s modulus E, and shear
modulus G, play a crucial role in evaluating mechanical properties [31,32]. The magnitude
of these moduli is directly related to the material’s strength. Materials with high modulus
usually have high strength, indicating that they can maintain their shape and resist defor-
mation under external stresses. The Voigt-Reuss-Hill (VRH) method is a commonly used
approach to calculate the effective moduli of composite or anisotropic materials [33,34], as
with the Equations (2)–(4). It can be used to estimate the relationships between different
moduli (such as bulk modulus, Young’s modulus, and shear modulus), contributing to
evaluate the material’s performance under varying stress and deformation conditions.
Table 2 presents the computed moduli and compares them with previous studies.

B =
1
3
(C11 + 2C12) (2)

G =
1
2
(GV + GR) (3)

E =
9BG

3B + G
(4)

In the aforementioned equations, GV and GR represent Voigt and Reuss shear modulus,
respectively, which are mathematically expressed by Equations (5) and (6):

GV =
(C11 − C12 + 3C44)

5
(5)
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GR =
5(C11 − C12)C44

4C44 + 3(C11 − C12)
(6)

Figure 5 illustrates the variations of bulk modulus (B), Young’s modulus (E), and shear
modulus (G) within the pressure range of 0 to 60 GPa. As the pressure increases from 0
to 60 GPa, the bulk modulus (B), Young’s modulus (E), and shear modulus (G) all exhibit
an upward trend. The increase in Young’s modulus (E) is the most significant, gradually
rising from its initial value to considerably higher values. This indicates that under high
pressure, the ability of Sc3AlC to resist elastic deformation is significantly enhanced, and the
atomic bonding strength increases substantially as pressure increases. The bulk modulus
(B) also increases steadily, reflecting the gradual enhancement of the ability of Sc3AlC to
resist uniform compression under high-pressure conditions, indicating that the internal
structural stability of the crystal improves as the pressure increases. The shear modulus
(G) also increases with pressure, although the rate of change is more moderate compared
to Young’s modulus (E) and bulk modulus (B), suggesting that under high pressure, the
ability of Sc3AlC to resist shear deformation improves, although the rate of change is more
moderate. These trends in moduli suggest that the mechanical properties of Sc3AlC are
reinforced under high-pressure conditions.

 

Figure 5. Variation curves depicting Young’s modulus, bulk modulus, and shear modulus versus
applied pressure.

The brittle-to-ductile transition represents a critical mechanical phenomenon wherein
a material undergoes a fundamental transformation in its failure mode, transitioning
from brittle fracture characteristics to ductile deformation behavior under applied stress
conditions. At certain temperatures and pressures, the plasticity and toughness of a material
depend on its crystal structure and the strength of atomic interactions. Specifically, the
brittle-to-ductile transition is strongly correlated with the ratio between bulk modulus
(B) and shear modulus (G), denoted as B/G [32]. This ratio is an effective indicator for
predicting the material’s toughness and brittleness behavior under different temperature
or stress conditions. The B/G ratio serves as a critical indicator for material toughness, with
the threshold value of 1.75 demarcating distinct mechanical behavior;: values exceeding
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1.75 typically signify enhanced toughness and ductile characteristics, while ratios below
this critical value are indicative of reduced toughness and increased brittleness [35]. As
shown in Figure 6, as pressure gradually increases from 0 to 60 GPa, the B/G ratio exhibits a
continuous upward trend, rising steadily from approximately 1.3 to nearly 1.7. This change
indicates that under high-pressure conditions, the ability of Sc3AlC to resist uniform
compression (represented by the bulk modulus B) improves more significantly compared
to its ability to resist shear deformation (represented by the shear modulus G). Within the
pressure range of this study, the B/G ratio remains below 1.75 but gradually approaches
this value with increasing pressure, suggesting that as pressure increases, Sc3AlC tends
to transition towards more toughness mechanical behavior while maintaining relative
brittleness characteristics within the 0–60 GPa pressure range.

 

Figure 6. Variation curves depicting B/G versus applied pressure.

3.3. Anisotropy

Elastic anisotropy represents a fundamental physical parameter that plays a pivotal
role in characterizing and understanding the mechanical behavior of crystalline materials
with anisotropic characteristics, particularly in determining their directional dependence of
elastic properties. The anisotropy of materials is often characterized using the anisotropy
factor A, and a greater deviation of anisotropy factor A from the one indicates stronger
anisotropy [36,37]. The cross-slip pinning model provides a theoretical framework for
analyzing dislocation behavior, slip systems, and pinning effects in metallic materials [38].
It is particularly effective in analyzing the mechanisms of plastic deformation and their
relationship with anisotropy factor. This model integrates the phenomena of cross-slip
and pinning, enabling a more comprehensive understanding of stress transmission and
dislocation glide in anisotropic materials. The anisotropy factor for the Sc3AlC MAX phase
can be calculated using the following formulas [39,40]:

A(100)[001] =
2C44

C11 − C12
(7)
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A(110)[001] =
C44(C′ + 2C12 + C11)

C11C′ − C2
12

(8)

where C′ = (C11 + C12)/2 + C44, and both A(100)[001] and A(110)[001] represent the
anisotropy factors along the (100)[001] and (110)[001] crystallographic directions, respec-
tively. According to Equations (7) and (8), Figure 7 illustrates the variation trends of
anisotropy factors along the (100)[001] direction (labeled as A(100)[001]) and the (110)[001]
direction (labeled as A(110)[001]) under increasing pressure. As the pressure rises from 0 to
60 GPa, both A(100)[001] and A(110)[001] exhibit a declining trend. This suggests that under
high pressure, the degree of anisotropy in Sc3AlC along these two directions gradually
increases, and the differences in mechanical properties along these directions increase with
increasing pressure. The pressure-dependent variation in the anisotropy factors reflects
the rearrangement of atoms, including changes in interatomic distances. These factors
lead to the gradual increases in the differences in mechanical responses along different
crystallographic directions.

 

Figure 7. Variation curves depicting anisotropy factors A versus applied pressure.

Poisson’s ratio σ is a physical quantity that describes the ratio of transverse strain
to longitudinal strain when a material is subjected to tension or compression, typically
ranging between 0 and 0.5. For different types of materials, Poisson’s ratio is closely related
to plasticity properties. According to Equations (9) and (10) [39,41], Figure 8 illustrates
the variation trends of Poisson’s ratio σ[001] in the [001] direction and σ[111] in the [111]
direction under increasing pressure. In general, a large Poisson’s ratio typically suggests
good plasticity. At the initial stage, the Poisson ratio in both directions of the [001] and
[111] is small, and with the increase of pressure, the Poisson ratio in both crystal directions
increases, which indicates that the increase of pressure is conducive to improving the
plasticity of the material. Furthermore, the value of σ[111] consistently exceeds that of σ[001]
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throughout the pressure range, suggesting that under the same pressure conditions, Sc3AlC
exhibits better plasticity in the [111] direction compared to the [001] direction.

σ[001] =
C12

C11 + C12
(9)

σ[111] =
C11 + 2C12 − 2C44

2(C11 + 2C12 + C44)
(10)

To further elucidate the evolution of the mechanical properties of Sc3AlC under high
pressure, other relevant properties are calculated within the pressure range of 0 to 60 GPa,
with the variations illustrated in Figure 9. Figure 9 presents the trends of C12 − C14 (repre-
senting the Cauchy pressure), G(100)[010] (shear modulus G(100)[010] = C44 in the (100)[010]
direction), G(110)[110] (shear modulus G(110)[110] = (C11 − C12)/2 in the (110)

[
110

]
direc-

tion), and E〈100〉 (Young’s modulus in the <100> direction) as functions of pressure, where
E〈100〉 is expressed by E〈100〉 = (C11 − C12)[1 + C12/(C11 + C12) ] [42,43]. As the pressure
increases from 0 GPa to 60 GPa, E〈100〉 exhibits a significant upward trend, steadily rising
from its initial value to a high level, which indicates that under high pressure, the ability of
Sc3AlC to resist elastic deformation in the <100> direction is significantly enhanced, with
the interatomic bonding forces in this direction markedly increasing with pressure. Both
G(100)[010] and G(110)[110] also increase with increasing pressure, although their growth rates
are relatively smaller compared to E〈100〉. This suggests that in a high-pressure environment,
the resistance of Sc3AlC to shear deformation in these two directions is improved. Gener-
ally, a negative Cauchy pressure indicates that the material possesses directional bonding
characteristics, and a positive Cauchy pressure suggests metallic characteristic [43–45]. The
Cauchy pressure C12 − C14 remains negative throughout the pressure range; however, it
gradually increases and asymptotically approaches zero as the pressure rises. This trend
indicates a weakening of the directional characteristics of interatomic bonding within the
material, accompanied by an enhancement of metallic properties.

 

−

Figure 8. Variation curves depicting Poisson’s ratio σ versus applied pressure.
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−

 

=

Figure 9. Variation curves depicting Cauchy pressure and material modulus versus applied pressure.

3.4. Hardness and Yield Strength

Hardness and yield strength are essential parameters for characterizing a material’s
resistance to deformation, and they are closely related to the material’s mechanical prop-
erties [46]. Specifically, hardness is defined as the ability of a material’s surface to resist
localized plastic deformation, such as indentation, scratching, or wear. An increased hard-
ness value implies that the material is less susceptible to plastic deformation. On the other
hand, yield strength σy is defined as the minimum stress where a material begins to undergo
permanent deformation during tension or compression. Once the applied stress exceeds
the yield strength, the material translates from elastic to plastic deformation. Previous
studies [47–50] indicate that the Vickers hardness (HV) of a material can be determined
using Equation (11), where k = G/B [51]. The Vickers hardness (HV) is approximately
three times yield strength (σy), as expressed in Equation (12).

To explore the effects of high pressure on the Vickers hardness and yield strength
of Sc3AlC, the relevant data are calculated within the pressure range of 0 to 60 GPa, as
illustrated in Figure 10. Figure 10a shows the variation of Vickers hardness versus applied
pressure, while Figure 10b presents the changes in yield strength under pressure. From
Figure 10a, the value of Vickers hardness is about 17.52 GPa at ambient pressure, aligning
well with the calculated result (HV = 17.81 GPa) of Rayhan et al. [26], and it can be observed
that within the pressure range of 0 to 10 GPa, the Vickers hardness increases rapidly from
approximately 17.52 GPa to about 18.16 GPa. This indicates that during the initial stage of
pressure increase, the resistance to localized plastic deformation significantly improves in
the Sc3AlC MAX phase. Subsequently, from 10 GPa to 50 GPa, HV fluctuates within the
range of 17.52 GPa to 18.16 GPa, remaining relatively stable. This suggests that changes
in pressure have a minimal impact on Vickers hardness of Sc3AlC phase. However, when
the pressure exceeds 50 GPa, HV drops sharply, reaching approximately 16.84 GPa at
P = 60 GPa, which demonstrates that the hardness value decreases significantly under high
pressure. In Figure 10b, the yield strength shows an increase from 5.84 GPa to 6.05 GPa
within the 0 to 10 GPa range, indicating that the stress to resist plastic deformation increases.
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From 10 GPa to 50 GPa, σy fluctuates between 5.84 GPa and 6.05 GPa, remaining relatively
stable, which suggests that the yield characteristics of the material are relatively stable
within this pressure range. However, when the pressure reaches 60 GPa, σy decreases to
about 5.61 GPa, indicating a reduction in the material’s yield strength under the conditions
of high pressure.

Hv = 2
(

k2G
)0.585 − 3 (11)

σy = HV/3 (12)

 

Figure 10. Variation curves depicting HV (a) and σy (b) versus applied pressure.

3.5. Energy Factor K

In crystalline materials, the ability of dislocation nucleation is closely associated
with the material’s plasticity. The energy factor K is a crucial parameter that quantifies the
dislocation nucleation ability, representing the minimum energy for plastic deformation in a
specific direction, and the calculation of energy factor K is related to the elastic constant. For
cubic crystals, Equations (13) and (14) give the expressions of K factors of edge and screw
dislocations [52,53]. Based on the calculated results, Figure 11 illustrates the variation of the
energy factor K for edge and screw dislocations versus applied pressure. As the pressure
increases from 0 to 60 GPa, the energy factors K for both edge and screw dislocations
increase. For edge dislocations, the energy factor Kedge increases steadily from an initial
value of 107.45 GPa to 197.68 GPa, which suggests that under high-pressure conditions,
the nucleation energy of edge dislocations in Sc3AlC significantly increases, resulting in a
higher energy barrier that must be overcome for dislocation nucleation, thereby inhibiting
plastic deformation. For screw dislocations, the energy factor Kscrew gradually rises from
87.22 GPa to 148.38 GPa, indicating that the nucleation energy also increases with increasing
pressure, thus leading to the inhibition of screw dislocations.

Kscrew =

[
1
2

C44(C11 − C12)

] 1
2

(13)

Kedge = (C11 + C12)

[
(C11 − C12)C44

(C11 + C12 + 2C44)C11

] 1
2

(14)

The mixed dislocation factor Kmixed is a parameter that quantifies the nucleation of
mixed dislocations, and this factor can be characterized as a function of the orientation
angle θ. For mixed dislocations, the dislocation core width ζ represents the extent of
deformation within the dislocation region. The relationships between Kmixed, ζ, and other
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parameters are described by Equations (15) and (16) [53,54], where C = (C11 − C12)/2,
with d denoting the distance between adjacent slip planes. Figure 12 shows the calculated
curves of Kmixed and ζ versus applied pressure. In Figure 12a, as pressure increases, the
mixed dislocation factor Kmixed also increases, which is consistent with the conclusion in
Figure 11. In Figure 12b, it is evident that the dislocation core width gradually decreases as
pressure increases, which increases the stacking-fault energy of the Sc3AlC MAX phase,
and then inhibits twinning deformation.

Kmixed = Kedge · sin2 θ + Kscrew · cos2 θ (15)

ζ =
Kmixed · d

2C
(16)

 

Figure 11. Variation curves depicting energy factors K for screw and edge dislocations versus
applied pressure.

 

Figure 12. Variation curves depicting Kmixed factor of mixed dislocation (a) and dislocation width ζ

(b) versus direction angle θ(0 ≤ θ ≤ π) at various pressures.
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3.6. Electronic Properties

The electronic structure is intrinsically related to the bonding mechanisms and directly
affects the structural stability of a material. To examine the effects of high pressure on the
electronic structure of Sc3AlC, the variation of total density of states (TDOS) is analyzed
under pressures ranging from 0 to 60 GPa, as shown in Figure 13. As the pressure increases
from 0 to 60 GPa, the TDOS at the Fermi level slightly increases, and the DOS for both the
valence and conduction bands near the Fermi level shifts slightly to the right, indicating
that high pressure enhances the interatomic bonding in the Sc3AlC MAX phase, while the
enhancement effect is not substantial.

 

Figure 13. TDOS of Sc3AlC MAX phase under different pressures.

4. Conclusions

This work systematically investigates the effects of pressure on the structural, mechan-
ical, dislocation, and electronic properties of the Sc3AlC MAX phase using first-principles
calculations. The main conclusions are as follows:

(1) Under pressures ranging from 0 to 60 GPa, the lattice constant ratio and volume ratio
decrease. The elastic constants satisfy stability criteria, indicating that the structure
remains stable under high pressure.

(2) As the pressure increases, the bulk modulus, Young’s modulus, and shear modulus in-
crease, enhancing resistance to material deformation. The B/G ratio rises, approaching
1.75, suggesting a tendency toward ductile behavior, but the material still maintains
its brittle characteristics.

(3) As the pressure increases, the anisotropy in the (100)[001] and (110)[001] directions
also increases. The Poisson’s ratio in the [001] and [111] directions increases, resulting
in the enhanced plasticity, with better plasticity along the [111] direction. The negative
Cauchy pressure indicates the directional characteristics of interatomic bonding.

(4) Vickers hardness and yield strength increase under pressures of 0 to 10 GPa and
remain relatively stable between 10 and 50 GPa, and then decrease sharply above
50 GPa.
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(5) High pressure increases the energy factors of edge and screw dislocations, suppressing
dislocation nucleation. The mixed dislocation factor increases with increasing pressure,
and the dislocation core width reduces, which may inhibit twinning deformation.

(6) High pressure enhances the interatomic bonding in the Sc3AlC MAX phase, while the
enhancement effect is not substantial.
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