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Influence of Strain Amplitude on Low-Cycle Fatigue Behaviors
of a Fourth-Generation Ni-Based Single-Crystal Superalloy at
980 ◦C

Pengfei Wang 1, Xinbao Zhao 1,2,*, Quanzhao Yue 1, Wanshun Xia 1,*, Qingqing Ding 1, Hongbin Bei 1,

Yuefeng Gu 1,2,*, Yuefei Zhang 1,2 and Ze Zhang 1,2

1 Institute of Superalloys Science and Technology, School of Materials Science and Engineering,
Zhejiang University, Hangzhou 310027, China

2 State Key Laboratory of Silicon Materials, School of Materials Science and Engineering, Zhejiang University,
Hangzhou 310027, China

* Correspondence: superalloys@zju.edu.cn (X.Z.); wanshunxia@zju.edu.cn (W.X.); guyf@zju.edu.cn (Y.G.)

Abstract: Total strain-control, low-cycle fatigue experiments of a fourth-generation Ni-based single-
crystal superalloy were performed at 980 ◦C. Scanning electron microscopy and transmission electron
microscopy are employed to determine fracture morphologies and dislocation characteristics of the
samples. As the strain amplitude increased from 0.6 to 1.0%, the cyclic stress and plastic strain per
cycle increased, the cyclic lifetime decreased, more interfacial dislocation networks were formed,
and the formation rate accelerated. Cyclic hardening is associated with the reaction of accumulated
dislocations and dislocation networks, which hinder the movement of dislocations. The presence of
interfacial dislocations reduces the lattice mismatch between the γ and γ′ phases, and the presence of
dislocation networks that absorb mobile dislocations results in cyclic softening. At a strain amplitude
of 1.0%, the reaction of a high density of dislocations results in initial cyclic hardening, and the
dislocation cutting into the γ′ phase is one of the reasons for cyclic softening. The crack initiation
site changed from a near-surface defect to a surface defect when the strain amplitude increased from
0.6 to 0.8 to 1.0%. The number of secondary cracks initiated from the micropores decreased during
the growth stage as the strain amplitude increased.

Keywords: deformation behaviors; low-cycle fatigue; single-crystal superalloys; strain amplitude

1. Introduction

Nickel (Ni)-based single-crystal (SC) superalloys are widely used as high-temperature
structural materials in aircraft and advanced gas engines because of their high operating
temperatures and excellent mechanical properties [1–3]. The microstructure of SCs comprise
two phases: (1) ordered intermetallic γ′ phase with an L12 structure coherently embedded in a
disordered solid-solution and (2) γ matrix phase with a face-centered cubic structure. Owing
to the reasonable ratio of elements and the heat-treatment process, the γ′ phase is composed
of cuboidal particles with a volume fraction of up to 70%, and its strength can increase with
an increase in temperature, such that the superalloys exhibit excellent mechanical properties
and high resistance to fatigue and creep at elevated temperatures [4–6].

Gas turbines operate at high alternating loads for long periods on account of startup
and shutdown, resulting in fatigue damage. In recent decades, there has been growing
interest in the low-cycle fatigue (LCF) behavior of Ni-based SC superalloys, which has led
to extensive research in this area. LCF damage mainly occurs in the lower region of the
blade body and blade root, where there is a large stress concentration, with the service
temperature ranging from 700 to 1000 ◦C [7–10]. Due to the complex structure of turbine
blades, there are evident strain deformation variances in different areas. Strain amplitude
is a crucial factor that dominates the LCF mechanism of a blade. Previous studies have
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confirmed that with increasing strain amplitude, the responses of cyclic stress, dislocation
type, and microscopic deformation behavior change significantly, and the lifetime and
design of alloys are affected by the deformation and damage behavior of alloys in different
regions [6,11–13]. Cyclic stress responses include cyclic hardening, cyclic softening, and
cyclic stabilization, which indicate that, under a constant strain amplitude, the stress am-
plitude increases, decreases, and basically remains unchanged with an increase in cycles,
respectively. Cyclic hardening is mainly related to an increase in dislocation density [14,15],
dislocation entanglement [16,17], and the existence of dislocation networks [18] and stack-
ing faults (SFs) [9] reduce the mobility of dislocations in the channels at high temperatures.
Cyclic softening is mainly related to the dislocation shearing of γ′ phases [18,19], interface
mismatch reduction [20], and γ′ phase rafting [21,22]. However, dislocation density re-
duction arises due to dislocation annihilation [18] and dislocation network formation [21]
at high temperatures. Cyclic stabilization occurs when the hardening and softening ef-
fects are in equilibrium [15,23]. At high-strain amplitudes, cracks mainly originate in the
micropores near the surface, whereas, at low-strain amplitudes, oxidation significantly
affects crack initiation [24]. Wang [9,12] reported that at a strain amplitude (Δεt/2) range
of 0.5–0.7% at 980 ◦C, the dislocations are more likely to form dislocation networks at
the interface, and, under 1.0% strain, the shearing of the γ′ phase by SFs becomes the
predominant deformation mechanism. Rafting of the γ′ phase occurs under a low-strain
amplitude at high temperatures, with dislocation networks tending to be generated at the
rafting interface [25]. Previous research [26] has indicated that dislocation climbing is the
basic condition for the formation of dislocation networks and is faster under a high-strain
amplitude [11], demonstrating that a high-strain amplitude is likely to be more conducive
to the formation of dislocation networks. Studies on LCF have primarily focused on first-
to third-generation single crystals, with fourth-generation single crystals barely studied,
especially the effects of strain amplitude on the cyclic stress response and microstructures
at high temperatures.

The addition of rhenium (Re) and ruthenium (Ru) to fourth-generation single-crystal
superalloys affects the generation of interface dislocation networks, rafting of the γ′ phase,
and dislocation shearing of the γ′ phase [27–30], which influences the cyclic stress response
and fatigue deformation. In this study, a set of LCF tests were performed at 980 ◦C on a
fourth-generation single-crystal superalloy under varying strain amplitudes to understand
the effects of strain amplitude on cyclic stress response and deformation mechanisms.

2. Materials and Methods

The material used in this study was a test bar made of a fourth-generation Ni-based
monocrystalline superalloy. Its chemical composition is summarized in Table 1.

Table 1. Nominal composition of experimental alloy (wt.%).

Al + Ta Co + Cr Mo + W Re + Ru Ni

12% 8% 9% 7.5% Bal.%

The crystal orientations of the cast rods were determined through X-ray diffraction.
The loading direction was designed to be parallel to the [001] crystal orientation of the alloy
with an angle orientation deviation within 10◦. Conventional three-step heat procedures
were performed to process the casting material, including a high-temperature solid solution
treatment (1340 ◦C), followed by a two-stage ageing treatment at relatively low temper-
atures in argon and vacuum (1100 and 870 ◦C, respectively). Air cooling was performed
after each heat treatment. LCF specimens (76 mm in length and 5.5 mm in gauge diameter)
were machined and polished from fully heat-treated SC bars.

All LCF tests were conducted using an MTS servo machine (MTS-100kN-10, MTS,
Eden Prairie, MN, USA) in the air at 980 ◦C under fully reversed (R = −1) total strain control.
The strain amplitudes were 0.6, 0.8, and 1.0%, and a triangular waveform with a constant
strain rate of 5 × 10−3 s−1 was used. After the fatigue tests, the surface morphologies, crack
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initiation, and crack propagation of the specimens were observed using a scanning electron
microscope (SEM, FEI Quanta 650, FEI, Portland, OR, USA). The chemical compositions of
the oxides were determined through energy-dispersive X-ray spectroscopy (EDS, Oxford,
UK) under SEM. Microstructural observations of the specimens after fracturing were
performed using a transmission electron microscope (TEM; FEI Tecnai F20 S-TWIN, FEI,
Portland, OR, USA) operating at 200 kV. The TEM observations were performed on thin
{001} foils.

To better observe the morphology of the dislocation, the transmitted sample was cut at the
working section 5 mm away from the fracture (perpendicular to the axial), with the thickness
of the slice approximately 550 μm. Thereafter, manual grinding was performed below 50 μm
and pressed into thin foils of 3 mm in diameter. The thin foils were prepared through double-
jet thinning in Tenupol 5 (Struers, Denmark) at 15 V and −30 ◦C. The electrolyte comprised
70, 23, and 7% vol of methanol, n-butanol, and perchloric acid, respectively. Meanwhile, the
evolution of γ and γ′ morphologies in the longitudinal sections of 3 mm from the fracture
surface was observed via SEM. The sample was mechanically polished and chemically etched
in a solution composed of 10 mL HF + 20 mL HNO3 + 30 mL C3H8O3.

3. Results

3.1. Cyclic Stress Response

Figure 1 illustrates the cyclic stress response curves of the alloys tested at 980 ◦C under
different strain amplitudes. As the strain amplitude increased, the cyclic stress of the alloy
also increased; hence, the fatigue lifetime gradually decreased. The cyclic stress response
also indicates the cyclic hardening/softening of the alloy associated with the structural
changes occurring during fatigue. Cyclic hardening/softening curves were constructed by
plotting the stress amplitude (Δσt/2) vs. the logarithm of the number of cycles to failure (N).
For Δεt/2 values of 0.6 and 0.8%, the alloys exhibited fairly constant stress amplitudes from
the beginning of the tests. Thereafter, they exhibited cyclic stability for approximately a few
hundred cycles, followed by gradual softening. Finally, near the end of the test, the stress
decreased rapidly, resulting in the onset and rapid propagation of fatigue cracks. With an
increase of Δεt/2 to 1.0%, the alloy initially exhibited fast cyclic hardening, followed by
cyclic stability. Subsequently, gradual softening and stress reduction occurred, similar to
the Δεt/2 values of 0.6 and 0.8%, respectively.

Figure 1. Cyclic stress response curves of experimental alloys at varying strain amplitudes during
low-cycle fatigue deformation.

The hysteresis loops at Δεt/2 values ranging from 0.6 to 1.0% in the first and second
half-life cycles are shown in Figure 2a,b, respectively. The central area of the hysteresis
loop is wrapped by a yellow curve, as shown in the lower right part of Figure 2. The area
of the hysteresis loops indicates the plastic strain energy, and the plastic strain range is
characterized by the width of the hysteresis loop [31] when the stress is 0 MPa. The size
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of the width demonstrates the ability of the alloy to resist plastic deformation during the
cyclic fatigue test; the larger the width, the smaller the ability of the alloy to resist plastic
deformation [32]. In the first cycle, the obtained plastic strain ranges were 0.016, 0.019, and
0.277% when Δεt/2 values were 0.6, 0.8, and 1.0%, respectively; in the half-life cycle, the
obtained results were 0.006, 0.012, and 0.073%, respectively. Cyclic deformations at half-life
are generally considered stable. With the stability of the cyclic deformation, the value
decreased, particularly under a strain amplitude of 1.0%. At Δεt/2 = 0.6%, the plastic strain
was negligible. When the strain amplitude increased to 0.8%, the plastic strain increased
slightly. Thus, it was demonstrated that, as the strain amplitude increased to 1.0%, the
plastic strain increased significantly.

Figure 2. Typical hysteresis loops of the alloy under varying strain amplitudes: (a) first cycle and
(b) stabilized cycle.

3.2. Fatigue Fractography and Fracture Mechanism

As shown in Figure 3, the cracks initiated from or near the surfaces of the specimens,
thereafter propagating along the {001} planes; that is, they are perpendicular to the applied
stress. The direction of the crack propagation is indicated by the blue arrow. The mechanism
of crack initiation and growth results from local stress concentrations in the midplane of
the micropore–alloy interfaces, resulting in a circular crack with a relatively featureless
surface [24]. When cracking reaches a certain depth, crack propagation translates to the
shear mode; that is, it occurs on different {111} planes [20]. Under a strain amplitude
of 0.6%, the crack initiated on the surface in a circular morphology with a halo (white
arrow) and bright color, as shown in Figure 3a,d. The existence of the halo is linked to
the homogenization of slip at high temperatures in the presence of oxidation [33,34]; the
oxidation is more pronounced in the bright-colored areas. After crack initiation, the crack
propagated along the plane perpendicular to the stress axis, with the propagation speed
being low because of the less effective crack growth driver at a lower cyclic amplitude [19].
The stress concentration generated at the defect also formed several secondary cracks
(yellow arrows), with a bright halo formed around the pores. As the strain amplitude
increased to 0.8%, cracks started to form at the surface defect and exhibited distinct bright
regions associated with oxidation, as shown in Figure 3b,e. When the crack propagated in a
plane perpendicular to the stress axis, it also produced secondary microcracks with circular
halos; however, the number of microcracks were significantly reduced than at the 0.6%
strain amplitude. When the strain amplitude was increased to 1.0%, cracks started to form
at the surface defect with no evident oxidation trace, and no secondary microcracks with a
halo were observed during the crack growth stage, as shown in Figure 3c,f. The oxidation
layers formed on the sample surface at strain amplitudes of 0.6, 0.8, and 1.0% are shown in
Figure 3g–i, respectively. The oxide layer represented by the dashed box became thinner
with increasing strain amplitude, illustrating a decrease in alloy oxidation. The cracks
initiated from the oxide layer of the specimen were observed to propagate predominantly
perpendicular to the loading axis, similar to the cracks initiated from the subsurface.
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Figure 3. Surface morphologies and oxide layer near the surface of specimens after failure:
(a,d,g); Δεt/2 = 0.6%, (b,e,h); Δεt/2 = 0.8%, and (c,f,i); Δεt/2 = 1.0%.

The effect of the strain amplitude on crack initiation and propagation is related to
oxidation. At high-strain amplitudes, it is easy to rapidly generate stress concentrations at
the surface notches owing to the large cyclic loads, which can initiate cracks. However, at
low-strain amplitudes, the cyclic load is small, and it is difficult to rapidly generate stress
concentrations that reach the threshold. As time increased, high-temperature oxidation
occurred. During the load cycle, the strain mismatch between the plastically deformed
metal substrate, and the stiff oxide scale caused repeated cracking and reoxidation, resulting
in an oxide plug. The oxide plugs fill the micropores, and the surface micropores (caused by
insufficient liquid flow during casting) are passivated after oxidation [34]. This reduced the
effective stress concentration of the surface shrinkage cavity by generating a compressive
stress in/around the hole. Therefore, the stress concentration at the internal defects reached
the threshold faster than that at the surface, and cracks were less likely to be initiated at the
surface at low-strain amplitudes.

However, crack propagation along the micropores is an efficient approach for lower-
ing the crack propagation threshold. Micropores can also change the crack direction by
modifying the stress intensity factor at the crack tip to form secondary cracks [35]. The
crack propagation path is indicated by blue arrows in Figure 4. When the primary crack
reaches the micropores, a secondary crack forms, and the direction of the crack propa-
gation changes. Crack propagation occurs at a slow rate under a low-strain amplitude,
and the embrittlement effect of oxidation promotes crack propagation due to the sufficient
transmission of oxygen (O) along the crack [19]. Consequently, at low-strain amplitudes,
more secondary cracks with distinct oxidation signatures appeared during the slow crack
propagation stage. The chemical composition of the halo surrounding the micropores was
analyzed using EDS, as shown in Figure 4. The analysis demonstrated that the oxide was
enriched with Ni, aluminum (Al), tantalum (Ta), Re, molybdenum (Mo), chromium (Cr),
and Ru, whereas a decrease in the cobalt (Co) content was observed. One explanation for
this phenomenon is that O is transferred during crack propagation, and the partial pressure
of O at the crack tip is low, at which point Co is difficult to oxidize [36]. Therefore, the
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initiation and propagation of secondary cracks are influenced by the oxide composition,
particularly at low-strain amplitudes where the oxidation time is longer.

Figure 4. Scanning electron microscope (SEM) energy-dispersive X-ray spectroscopy (EDS),(SEM-
EDS), maps of the micropores after fatigue at 980 ◦C under Δεt/2 = 0.8%.

A previous study [37] reported that, at 980 ◦C and low-strain amplitude, the crack ini-
tiation occurred from the stripping of the oxide layer on the surface, which is in agreement
with the results obtained in another study [38] but different from the results obtained in
this study. At similar loading times, the oxide layer thickness and crack length were higher
than those obtained in this study, indicating that the alloy was less resistant to oxidation,
and cracks were initiated earlier. This may be the main reason for the crack initiation from
the oxide layer on the surface at high temperatures and low-strain amplitudes.

3.3. Dislocation Movement and Deformation Mechanisms

Figure 5 illustrates the γ′ morphology away from the fracture surface under different
strain amplitudes at 980 ◦C. As shown in Figure 5a, when the strain amplitude is 0.6%,
a slight decrease in the degree of γ′ cubic was observed. When the strain amplitude is
0.8%, more γ′ cubic degree decreased, as shown in Figure 5b. When the strain amplitude
was 1.0%, the γ′ cubic degree exhibited no evident changes, as shown in Figure 5c. The
widths of the transverse channels broadened after fatigue, as shown in Figure 5d. Width
broadening was most pronounced at a strain amplitude of 0.8%, followed by 0.6%; however,
it was not significant at a strain amplitude of 1.0%.

Microstructural configurations of a fatigued alloy after an LCF test at 980 ◦C under
the strain amplitude of 0.6% were performed, as shown in Figure 6. Figure 6a shows
that almost all the dislocations distribute in the γ matrix channels, and a small amount of
dislocation networks are generated at the γ/γ′ interface. The rafting of the γ′ phase is not
evident. As shown in Figure 6b, the dislocations bow out through the γ matrix channel,
promoting the dislocation slips to the γ/γ′ interface. Dislocations piled-up at the γ/γ′
interface form a large number of dislocation entanglements. Figure 6c shows that, under
cyclic deformation, the dislocation networks are considered to be produced by the reaction
of two sets of parallel cross-slip dislocations arising from the misfit interface between the γ

matrix and γ′ phase [14].
When the strain amplitude increases to 0.8% at 980 ◦C, typical dislocation config-

urations and different deformation microstructures are observed, as shown in Figure 7.
At this condition, the corners of the cubic γ′ phase are appreciably degenerated, and the
corresponding width of matrix channels is increased at some deformed regions. Most
dislocations distribute along the γ/γ′ interfaces and form several dense and regular dislo-
cation networks at the interfaces of the deformed regions (Figure 7a). In comparison with
microstructures observed under the strain amplitude of 0.6% (Figure 6), more dislocation
networks are observed at the γ/γ′ interfaces. Although the cyclic stress increased, almost
no dislocations cut into the γ′ phases, indicating that dislocation networks have a signifi-
cant influence on hindering matrix dislocations from cutting into the γ′ phases [39,40]. As
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shown in Figure 7b, bowing and cross-slipping of dislocations in the γ matrix channels
piled up at the γ/γ′ interfaces, resulting in the generation of dislocation networks rather
than dislocation entanglements in the reaction. More small-scale dislocation networks were
formed at the interfaces, which were related to greater cyclic stress (Figure 7c).

Figure 5. Microstructures of the longitudinal profile: (a) Δεt/2 = 0.6%, (b) Δεt/2 = 0.8%, and
(c) Δεt/2 = 1.0%. (d) Width of the transverse channels of the γ phase.

 

Figure 6. Transmission electron microscope (TEM) bright field (BF) images showing dislocation
configurations of an alloy at 980 ◦C under Δεt/2 = 0.6%: (a) distribution of the dislocations;
(b) bowing and tangled dislocations; and (c) formation of dislocation networks.

 
Figure 7. TEM-BF images showing dislocation configurations of an alloy at 980 ◦C under
Δεt/2 = 0.8%: (a) distribution of the dislocations; (b) dislocation networks and bowing disloca-
tions; and (c) formation of dislocation networks.

7



Crystals 2023, 13, 686

Figure 8 shows the typical dislocation configurations of an alloy after a test at
980 ◦C under a strain amplitude of 1.0%. A large number of regular dislocation networks
are observed at the γ/γ′ interfaces, which are formed by depositing matrix dislocations,
as shown in Figure 8a,b. In addition, a small amount of dislocation shearing into the γ′
phases was observed, owing to the accumulation of plastic deformation under high stress,
as shown in Figure 8c, which is attributed to the cyclic softening [18,20]. These dislocations
are of two main types under the conditions of high-temperature and high-strain amplitude:
(1) the γ′ phases are sheared by the matrix dislocations, resulting in SF formation within
them [9,13,41,42]; (2) the γ′ phases are sheared by the superdislocation, which decomposes
to form two partial dislocations and superlattice intrinsic SFs [9,12,27,42,43]. The disloca-
tions in the γ′ phases exhibit no characteristics of SFs in the samples; thus, it is likely to be
a superdislocation.

 

Figure 8. TEM-BF images showing dislocation configurations of an alloy at 980 ◦C under
Δεt/2 = 1.0%: (a) distribution of the dislocations; (b) formation of dislocation networks; and
(c) dislocation in the γ′ phase.

Therefore, for the LCF test at 980 ◦C under a strain of 1.0%, cross-slip and climb-
ing of dislocations are the main forms of deformation, and the shearing of γ′ phases by
superdislocation also begin to increase.

As shown in Figure 9, there are two main types of dislocation networks at 980 ◦C:
(1) arrangement of transitional dislocation network dominated by slip dislocations (blue
segments); and (2) equilibrium dislocation network including hexagonal and rhombic
arrangements (red line segment). Transition dislocation networks, which tend to be slightly
bowed, consist mostly of slip dislocations and exhibit a relatively irregular arrangement.
This transitional arrangement can develop into equilibrium arrangements with hexagonal,
rhombic, or octagonal structures [44]. As the strain amplitude increases, the morphology of
the interface dislocation network changes.

 
Figure 9. Dislocation networks under different strain amplitudes of an alloy at 980 ◦C:
(a) Δεt/2 = 0.6%, (b) Δεt/2 = 0.8%, and (c) Δεt/2 = 1.0%.

As shown in Figure 9a, under a strain amplitude of 0.6%, two sets of slip dislocations in
the upper right corner (yellow and purple lines) and few equilibrium dislocation networks
are observed. When the strain amplitude increases to 0.8% (Figure 9b), two sets of slip
dislocations intersect. Combined with the analysis illustrated in Figures 6 and 7, we
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established that the formation of dislocation networks at a strain amplitude of 0.8% may
be faster than that at 0.6%, for which the fraction of equilibrium dislocation networks
increases significantly. As shown in Figure 9c, when the strain amplitude increased to 1.0%,
the fraction of equilibrium dislocation networks further increased, and the slip traces that
formed the dislocation networks disappeared. The influence of the strain amplitude on
the formation process of the dislocation network may be due to the following two reasons:
(1) under a high-strain amplitude, more dislocations accumulate at the interface, which is
conducive to the rapid formation of the dislocation network; (2) and under a high-strain
amplitude, the dislocation climbs faster, promoting the rapid movement of the dislocation
toward the interface.

3.4. Cyclic Hardening/Softening

Owing to the high temperatures, the strength of the γ′ phase is relatively high, cyclic
deformation is mainly concentrated in the γ matrix channels, and dislocations can move
along the {111} planes by bowing out through the γ matrix channels. It is difficult for
dislocations to enter the γ′ phases and pile up at the γ/γ′ interface, which will cause cyclic
hardening owing to the interaction of dislocations and the γ′ phases [45]. Meanwhile, the
appearance of interfacial dislocations reduces the lattice mismatch between the γ′ and γ

phases, and annihilation occurs when dislocations of opposite signs meet, resulting in a
softening effect [46,47]. The formation of dislocation networks through dislocation reactions
is an important deformation mechanism at high temperatures. In contrast, the existence
of a dislocation network hinders the movement of dislocations and prevent dislocations
from cutting into the γ′ phase, resulting in the hardening effect [18,41]. However, the
dislocation network can absorb the moving dislocations in the γ matrix channels, resulting
in a decrease in the dislocation density and cyclic softening [48]. When the dislocation cuts
into the γ′ phase, resistance to the dislocation movement is reduced, similar to the density
of the dislocation that accumulates at the interface, resulting in a softening effect [18].
Remarkably, cyclic stability occurred when cyclic hardening was balanced with cyclic
softening.

The cyclic stress response changed from cyclic stability to cyclic hardening when the
strain amplitude increased from 0.6 to 0.8 to 1.0% during the initial fatigue stage, as shown
in Figure 1. In addition, the area of the hysteresis loop is large under a strain amplitude of
1.0% at the initial stage of fatigue, resulting in significant plastic strain, indicating that the
high density of dislocations accumulated and multiplied more than annihilation to adapt to
the generation of plastic strain under high-strain amplitude, as illustrated in Figure 2a. As
a result, initial cyclic hardening occurred under a strain amplitude of 1.0%. The formation
of interfacial dislocation networks is a result of the interaction of the piled-up dislocations,
as shown in Figures 8 and 9c. For the samples with strain amplitudes of 0.6 and 0.8%,
the area of the hysteresis loop (as shown in Figure 2a,b) is small, illustrating that the
dislocation density is low [49]. Therefore, equilibrium between dislocation multiplication
and annihilation is easy to achieve, and cyclic stability occurs.

With the increase in the number of cycles, more dislocations are absorbed in the
dislocation network, resulting in a decrease in the dislocation density [21]. Thereafter,
the formation of interface dislocation networks results in cyclic softening. Under the
strain amplitudes of 0.6 and 0.8%, the matrix channel becomes wider, and γ′ cubic degree
decreases with increasing cycles, as shown in Figure 5, which can reduce the resistance of
dislocation movement in the γ channels and result in cyclic softening. At a strain amplitude
of 1.0%, dislocations cutting into the γ′ phases also contributed to cyclic softening, as
shown in Figure 8c.

4. Conclusions

The LCF behaviors of SC superalloys with an [001] orientation at 980 ◦C under varying
strain amplitudes are systematically investigated using SEM and TEM, and variations in
their fracture and deformation mechanisms are proposed. In addition, the effects of strain
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amplitude on the LCF behavior at 980 ◦C are analyzed in detail. The main conclusions are
as follows:

(1) As the strain amplitude increased from 0.6 to 1.0%, the cyclic stress and plastic
strain per cycle increased, whereas the cyclic lifetime decreased. Cyclic harden-
ing is associated with the reaction of accumulated dislocations and dislocation net-
works, which hinder the movement of dislocations. At a strain amplitude of 1.0%,
the high densities of dislocations and dislocation reactions resulted in an initial
cyclic hardening.

(2) As the strain amplitude increased from 0.6 to 1.0%, more dislocation networks were
formed, and the formation rate accelerated. The appearance of interfacial dislocations
reduced the lattice mismatch between the γ and γ′ phases, and the presence of
dislocation networks that absorb mobile dislocations resulted in cyclic softening. The
dislocation cutting into the γ′ phases is one of the reasons for cyclic softening at a
strain amplitude of 1.0%.

(3) The decrease of the γ′ cubic degree and the width variation of the matrix channel was
pronounced for a strain amplitude of 0.8%. The crack initiation site changed from a
near-surface defect to a surface defect when the strain amplitude increased from 0.6 to
0.8 to 1.0%. The number of secondary cracks that were initiated from the micropores
during the growth stage decreased as the strain amplitude increased.
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Abstract: As an important mechanical property, tensile behavior has been regarded as an indicator for
the creep and thermal mechanical fatigue properties of Ni-based superalloys. The tensile property of
Ni-based superalloys is closely related to the amount, size, and distribution of γ′-phase and carbides.
To further clarify the tensile deformation mechanism of the CM247LC alloy, this study investigated
its solidification characteristics and directionally-solidified and heat-treated microstructure. The
dependence of tensile properties on the varied temperature ranging between 650 and 950 ◦C is
discussed in detail. It was found that the deformation mechanism at 650 ◦C is dominated by the
shearing of dislocations into the γ′-precipitates to form the superlattice stacking faults. At 800 ◦C, the
K-W lock leads to the anomalous yield effects. At 950 ◦C, the deformation mechanism is dominated by
the dislocations bypassing the γ′-precipiates. The results provide a comprehensive understanding of
the CM247LC alloy and are beneficial for the development of corrosion-resistant Ni-based superalloys.

Keywords: Ni-based superalloy; solidification characteristic; segregation; tensile properties

1. Introduction

CM247LC (low carbon) is derived from the conventional casting Mar-M 247 superal-
loy [1–4], which has been used in manufacturing the directionally solidified (DS) turbine
blades for power generation applications. By reducing the contents of Zr and Ti combined
with the control of Si and S in Mar-M247 alloy (Table 1), the grain boundary cracking during
directional solidification was effectively suppressed [1]. Additionally, the carbide stabil-
ity and intermediate temperature ductility were apparently improved for the CM247LC
alloy [3]. According to the application condition of the DS turbine blades, the creep and
thermal mechanical fatigue (TMF) properties of the CM247LC alloy have been extensively
investigated in the past decades. However, it is worth noting that the tensile property is
also an important mechanical property of Ni-based superalloys, which can be used as an
indicator for the creep and TMF properties [5,6].

As is well known, the exceptional high-temperature mechanical properties of Ni-based
superalloys mainly derive from the strengthening effect of L12-structured γ′-precipitates
embedded in the γ-matrix and the pinning effect of carbides on the grain boundaries [7–12].
It has been proven that the size, volume fraction, morphology, and distribution of γ′-
precipitates and carbide has a strong influence on the tensile properties of Ni-based su-
peralloys [13–15]. For example, the extensive cracking of carbide was detected during a
tensile test of the DS CM247LC alloy at a lower temperature [16]. Zhang et al. [17] pointed
out that the anomalous yield strength with temperature was attributed to the shearing
of dislocation into γ′-precipitates to form anti-phase boundary (APB). The microscopic
deformation mechanism, derived from the interactions between the gliding dislocations
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and γ′-precipitates, depends on the temperature and heat-treated microstructural charac-
teristics. Consequently, a comprehensive understanding of the tensile behavior and the
internal deformation mechanism of the CM247LC alloy is still needed.

Table 1. Chemical compositions of the CM247LC and Mar-M247 alloys (wt.%) [1].

Alloys Cr Co Mo W Al Ti Ta Hf C B Zr Ni

CM247LC 8.1 9.2 0.5 9.5 5.6 0.7 3.2 1.4 0.07 0.015 0.015 Bal.
Mar-M247 8.4 10.0 0.7 10.0 5.5 1.0 3.0 1.5 0.15 0.015 0.05 Bal.

In this study, the CM247LC alloy was directionally solidified in the Bridgman furnace.
The solidification characteristics, directionally-solidified and heat-treated microstructures,
and the tensile properties at varied temperatures were investigated. The aim of this work
was to reveal the microstructural characteristics of the CM247LC alloy and investigate
the dependence of tensile performance on temperature. Additionally, the deformation
mechanism with regard to the interaction between dislocation and γ′-precipitate was
discussed in detail.

2. Experimental Procedures

The chemical compositions of the CM247LC and Mar-M247 alloys are listed in Table 1.
The master alloy of CM247LC was prepared by the vacuum induction furnace, and then
directionally solidified in a Bridgeman furnace described elsewhere [18]. The master alloy
rod, 14 mm in diameter and 80 mm in length, was cast with a withdrawal rate of 3 mm/min
and an approximate thermal gradient of 50 ◦C/cm. Then, the directionally-solidified
samples were subjected to the following heat treatments: (1) 1232 ◦C/2 h +1257 ◦C/2 h,
A.C. (air cooling) solution heat treatments; (2) 1080 ◦C/4 h, A.C. first aging treatment; (3)
870 ◦C/20 h, A.C., secondary aging treatment. The characteristic phase transformation
temperature was measured by the differential scanning calorimetry (DSC, NETZSCH STA
449F3) with the heating/cooling rate of 10 ◦C/min in a flowing stream of Ar. Standard met-
allographic technique was applied for microstructural observation. The polished specimen
was etched with a solution consisting of HNO3, HF, and C3H8O3 (1:2:3), and observed by
optical microscopy (OM, OLYMPUS GX71/50), and scanning electron microscopy (SEM,
TESCAN-MIRA3). In addition, the constituent phases were characterized using an X-Ray
diffractometer (XRD, SHIMADZU XRD-7000) with the scanning rate of 3◦/min.

The tensile specimens with the gauge section of 3 × 3 × 17 mm3 were cut from the
directionally solidified specimen by electro-discharge machining (EDM), followed by heat
treatment. Tensile tests were conducted on a SUNS CMT 5105 mechanical testing machine
with the strain rate of 1 × 10−3 s−1 at 650, 800, and 950 ◦C. Three samples were selected
for tensile testing to guarantee the reliability of testing results. To clarify the deformation
mechanism, the interrupted tensile test was carried out with the approximate engineering
plastic strain of 2~5%. The deformed specimen was observed by transmission electron
microscopy (TEM, FEI TECNAI G2 F20). A thin TEM foil perpendicular to the tensile
direction was prepared by twin-jet electropolishing in a solution of 10% (volume fraction)
HClO4 and 95% C2H5OH at −40 ◦C.

3. Results and Discussion

3.1. Solidification Characteristics and As-Cast Microstructure

The variation of the equilibrium volume fraction of the constituent phases with tem-
perature was calculated by the software JMatPro (Figure 1a). The γ-phase firstly solidifies
from the melt as the primary phase, followed with the MC carbide at 1356 ◦C. With the
decreasing temperature, the strengthening γ′-precipitate occurs at 1216 ◦C. Figure 1b shows
the DSC heating and cooling curves of the as-cast specimen. Three endothermic peaks
can be clearly observed on the DSC heating curve. The endothermic peaks at 1213, 1347,
and 1371 ◦C on the DSC heating curve should be related to the solution temperature of
the γ′-precipitate, melting temperature of the MC carbide, and liquidus, respectively. The
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freezing range, defined as the temperature range between the solidus and liquidus on
the DSC cooling curve, is approximately 67 ◦C, which has the good consistency with the
thermodynamic calculation results.

Figure 1. Equilibrium phase diagram and DSC result of CM247LC alloy. (a) J-MatPro calculation;
(b) DSC result.

Figure 2 exhibits the cross-sectional microstructure of the CM247LC alloy after direc-
tional solidification. The representative dendritic microstructure with the mean primary
dendrite arm spacing of ~165 μm was obtained under the thermal gradient of ~50 ◦C/cm
and withdrawal rate of 50 μm/s (Figure 2a). The dendritic core is composed of the L12-
structured γ′-particles with near-cubic shape embedded in the disordered-FCC γ-matrix
(Figure 2b). Meanwhile, the blocky carbides have a strong tendency to distribute in the
interdendritic region, and they are preliminarily judged as the MC carbides (Figure 2c).
The coarse γ′/γ eutectics also distribute in the interdendritic region with lamellar shape
(Figure 2d). Moreover, the solute segregation in the as-cast microstructure was analyzed by
the segregation ratio (k), as expressed by:

k = CDC/CID (1)

where CDC and CID denote the chemical compositions of the dendritic core and interden-
dritic region, respectively. According to the definition of k, values of k greater or lesser than
unity indicate the segregation tendency of constituent elements to the dendritic core or to
the interdendritic region, respectively. As shown in Table 2, the γ′-forming elements, Ti,
Al, Ta, Hf, etc., partition to the interdendric region (k < 1), while W and Co preferentially
segregate to the dendrite core (k > 1). Due to the segregation of the γ′-forming elements
during solidification, the size of γ′-precipitates in the interdendritic region (Figure 2c,d) is
apparently larger than that in the dendritic core (Figure 2b).

Figure 3 presents the TEM-EDS mapping and the selected electron diffraction (SAED)
pattern of the carbide. The SAED patterns definitely indicates that the blocky particle is
the MC carbide. Meanwhile, TEM-EDS mapping confirms that the MC carbide is enriched
in Ta, Hf, Zr, and Ti, and depleted in Ni, Cr, and B. The solidification temperature of
the MC carbide is about 15 ◦C lower than the liquidus. During directional solidification,
Ta, Hf, Ti, etc., segregate to the remaining liquid in the mushy zone, thus promoting the
formation of MC carbides. Due to the restriction of the primary dendric arms and the
complicated thermosolutal convection in the mushy zone, the MC carbide exhibits an
irregular morphology.
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Figure 2. SEM image of the directionally solidified microstructure. (a) Cross-sectional microstructure;
(b) γ′-precipitates in the dendritic core; (c) carbide; (d) eutectic in the interdendritic region.

Table 2. Chemical compositions at the dendritic core and interdendritic regions (wt.%), and the
corresponding segregation ratios.

Al Ti Cr Co Ni Mo Hf Ta W

Dendrite core 3.24 0.42 9.84 11.58 56.91 0.40 0.29 1.49 10.4
Inter-dendrite 3.40 0.46 10.32 10.60 59.36 0.54 0.83 1.55 8.46

Segregation ratios 0.95 0.91 0.95 1.09 0.96 0.74 0.35 0.96 1.23

3.2. Heat-Treated Microstructure

Figure 4 shows the carbide and dendritic core of the CM247LC alloy after solution
and two steps aging heat treatment. As shown in Figure 4a, the carbides still locate in
the interdendritic region but with the more homogeneous distribution and refined size,
compared with the counterpart in the as-cast specimen (Figure 2a). Table 3 shows the
chemical composition of the carbide in directionally solidified and heat-treated specimens.
According to the SEM-EDS results, the carbide enriched with Ta and Hf is identified as
an MC carbide. Figure 4b–d exhibit the γ′-precipitates in the dendritic core after solu-
tion and aging heat treatments. In this investigation, a step-wise solution heat treatment
up to 1257 ◦C was applied to dissolve the coarse γ′/γ eutectic and reduce the degree
of dendritic segregation. As shown in Figure 4a, the small γ′-particles (0.159 μm) with
near-spherical morphology distribute in the dendritic core, which can be attributed to
the high nucleation driving force of the supersaturated γ-matrix and the limited growth
time during air cooling after solution treatment. Then, the two-steps aging treatments
(1080 ◦C/4 h, A.C. + 870 ◦C/20 h, A.C.) are used to promote the reprecipitation of the γ′-
phase. As shown in Figure 4b–d, the γ′-size significantly increased from 0.159 μm (solution
heat treatment) to 0.295 μm (1st aging treatment), and finally to 0.312 μm (2nd aging
treatments). After stepwise aging heat treatments, the γ′-volume fraction increased from
40.6% (first aging treatment) to 50.8% (second aging treatments). Meanwhile, the morphol-
ogy of the γ′-precipitate changed from near-spherical to a cubic shape after aging heat
treatments. The cubicity of the γ′-precipitates depends on the competition between the
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interfacial energy and strain energy [18]. When the γ′-size is small, the interface energy
is the dominated factor to determine the near-spherical shape of γ′-precipitates. With the
increasing γ′-size, the strain energy derived from the coherent misfit between γ′ and γ
gradually plays a major role, resulting in the cubic morphology of the γ′-phase.

 

Figure 3. TEM-EDS map and SAED pattern of the carbide in the DS specimen. (a) TEM-image;
(b) SAED pattern of MC carbide; (c–l) EDS mapping results.

Table 3. Chemical compositions of carbide in as-cast (1232 ◦C/2 h + 1257 ◦C/2 h, A.C. solutioning,
1080 ◦C/4 h A.C. 1st aging and 870 ◦C/20 h A.C. 2nd aging) and heat-treated specimen (wt.%).

Al Ti Cr Co Ni Mo Hf Ta W

As-cast 0.00 1.64 0.00 0.84 1.93 0.00 47.58 36.96 0.61
Heat-treated 0.06 1.95 0.39 2.16 3.49 0.66 45.27 35.51 0.00

3.3. Tensile Property and Deformation Mechanism

Figure 5 demonstrates the engineering strain–stress curves and the corresponding
tensile properties of the CM247LC alloy at different temperatures. As shown in Figure 5a,
the σ–ε curves exhibit different characteristics with the increasing temperature. In the
temperature range between RT and 650 ◦C, a significant strain-hardening phenomenon
occurs after yield, and lasts to the final fracture. Particularly, the σ− ε curve at 650 ◦C
illustrates the strongest strain-hardening ability, while the flow stress at 800 and 950 ◦C
rapidly rises to the ultimate tensile strength (σUTS), and then gradually declines until
fracture. Figure 5b shows the yield strength (σY), ultimate tensile strength and the fracture
strain (εf) at different temperatures. From RT to 500 ◦C, σY, σUTS, and εf decrease slightly.
By contrast, σY and σUTS respectively increase from 764 and 898 MPa at 500 ◦C to 1021 and
1126 MPa at 800 ◦C, and then drop to 538 and 693 MPa at 950 ◦C. An obvious anomalous
yield behavior is observed for the CM247LC alloy. Generally, the different between σY and
σUTS, (σUTS − σY), can be used to characterize the strain-hardening ability. As shown in
Figure 5a, σ − ε curve demonstrates the highest value of (σUTS − σY) at 650 ◦C, indicating
the strongest strain-hardening ability. In addition, the fracture strain decreases first from
RT to 500 ◦C, and then increases continuously from 500 to 950 ◦C.
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Figure 4. SEM images of carbides and γ′-precipitates after varied heat treatment. (a) Carbides after
solution and aging treatment; (b) γ′-precipitates after solution treatment; (c) γ′-precipitates after the
1st aging treatment; (d) γ′-precipitates after the 2nd aging treatment.

Figure 5. Engineering stress–strain curves and the corresponding tensile properties of CM247LC
alloy at varied temperatures: (a) σ− ε curves; (b) σY, σUTS, and εf.

Figure 6 demonstrates the fracture surface and deformed microstructure after tensile
tests at 650, 800, and 950 ◦C. At 650 ◦C, the fracture surface inclines about 45◦ with
respect to the stress axis without apparent necking being observed (Figure 6(a1)). Plenty
of cleavage steps and river patterns can be clearly seen on the enlarged SEM image of the
fracture surface (Figure 6(a2)), indicating that the fracture models to a cleavage fracture.
Furthermore, as shown in Figure 7, the crack of the MC carbide is observed near the fracture
surface at the tensile temperature of 650 ◦C. The crack propagation is observed along the
interface between carbide and matrix, indicating the detrimental effects of blocky MC
carbide on the tensile properties of the CM247LC alloy at 650 ◦C.
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Figure 6. Microstructure characterization of the fracture surface at varied tensile temperatures.
(a1–a3) 650 ◦C; (b1–b3) 800 ◦C; (c1–c3) 950 ◦C.

 

Figure 7. MC carbide near the fracture surface after tensile test at 650 ◦C.

At 800 ◦C, the inclined angle between the macroscopical fracture surface and tensile
stress axis increases apparently (Figure 6(b1)). Both cleavage steps and dimples can be
observed on the fracture surface, demonstrating the mixed facture characteristics at 800 ◦C
(Figure 6(b2)). At 950 ◦C, the fracture surface is perpendicular to the stress axis with an
apparent necking phenomenon near the surface (Figure 6(c1)). Coarse dimples and small
oxide particles are observed on the fracture surface, indicating a larger deformation before
the fracture at 950 ◦C (Figure 6(c2)). Figure 6(a3–c3) exhibit the deformed microstructure
near the fracture surface. No evident change in the morphology of the γ′-precipitates can
be observed at 650 ◦C. However, the γ′-precipitates were gradually distorted along the
tensile direction at the higher temperatures from 800 to 950 ◦C, which is mainly attributed
to the high stress and the increased thermal activation at high temperatures.

For Ni-based superalloys, the fracture mechanism is closely related to the microstruc-
tural characteristics and tensile temperatures. Particularly, the size, distribution, and
morphology of carbides have a strong influence on the fracture behavior. As an obstacle for
dislocation motion, the MC carbide initially provides strengthening effects during tensile
deformation. However, the pile-up of dislocations near the large blocky carbide will result
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in a local stress concentration, thus leading to the initiation and quick propagation of
micro-cracks near the interface between carbide and matrix. Therefore, a low fracture strain
was observed when the temperature was below 650 ◦C (Figure 5a). By contrast, as the
temperature increases to 950 ◦C, more slip systems can be activated. Furthermore, when
the local stress concentration exceeds the critical value, the partial dislocations can bypass
or shear the γ′-precipitates (as shown in the following section) to release the local stress
concentration. Therefore, the tensile specimens exhibit a higher fracture strain and plastic
deformation with the increasing temperature.

Figure 8 shows the TEM images of the deformed microstructure after interrupted
tensile tests with 2–5% plastic strain. At 650 ◦C, the dislocation tangles in the γ-matrix
accompanied with isolated superlattice stacking faults (SSF) in the γ′-precipitates are clearly
observed (Figure 8a). The isolated SSFs distribute along the <110> orientations, which can
be attributed to the cutting of partial dislocations from the γ-matrix into the γ′-precipitates.
When the temperature increases to 800 ◦C, the dislocation density increases significantly
in γ-matrix channels (Figure 8b,c). The dislocations severely tangle in the γ-channels,
accompanied with the increased density of SSFs in the γ′-precipitates. It is worth noting
that there are some local serrated dislocations along the <010> direction (as marked by the
red arrow in Figure 8b), which is generally named the Kear–Wilsdorf (K-W) lock [12]. It has
been proven that the cross-slip of dislocations from the {111} to the {100} planes leads to the
formation of the K-W lock [12,19], thus resulting in the anomalous yield behavior at 800 ◦C.
With the increasing tensile temperature of 950 ◦C, the SSFs observed in the interrupted
tensile specimens at the lower temperature totally disappeared, while a high density of
dislocations presents in the γ channels. According to the TEM observations (Figure 8d), It
can be deduced that the tensile behavior of the CM247LC alloy at 950 ◦C is determined by
the cross-slip of dislocations in the γ-matrix with thermal activation.

 

Figure 8. TEM bright image of the deformed specimen at varied tensile temperatures. (a) 650 ◦C;
(b,c) 800 ◦C; (d) 950 ◦C.

The γ′-phase is the main strengthening phase for the CM247LC alloy. The interactions
between γ′-precipitates and gliding dislocations play a critical role in the deformation of
the CM247LC alloy at varied temperatures. The Burgers vector of full dislocation in the
L12-structured γ′-phase (< 110 >) is twice in magnitude that in the disordered γ-matrix

( 1
2 < 1

−
10 >), which is named as the super-dislocation. The < 110 > super-dislocation
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tends to dissociate into partial dislocations due to its prohibitively high energy. According
to proceeding publications [12,20], the cutting of a partial dislocation into γ′-precipitates
will lead to planar defects, including anti-phase boundary (APB) and superlattice stacking

faults (SSFs). For example, a 1
2 < 1

−
10 > partial dislocation cut into the γ′-phase will

lead to the formation of APB; a 1
6 < 112 > partial dislocation cut into the γ′-precipitates

will result in a complex stacking fault (CSF); a 1
3 < 112 > partial dislocation cut into the

γ′-precipitates will lead to a superlattice intrinsic stacking fault (SISF). Generally, the barrier
for partial dislocation cutting into the γ′-phase follows the order of CSF > APB > SISF [12].
In this work, the isolated SISFs were clearly observed in the deformed specimen at 650 ◦C,
indicating the cutting of a 1

3 < 112 > partial dislocation into the γ′-phase. One typical
dislocation reaction model has been proposed as [20]:

1
2

[−
101

]
+

1
2

[
0
−
11

]
→ 1

3

[−
1
−
12

]
+

1
6

[−
1
−
12

]
(2)

The reaction of two 1
2 < 110 > full dislocations in the γ-matrix results in a dislocation

pair consisting of a 1
3 < 112 > leading dislocation and a 1

6 < 112 > trailing dislocation.
At 650 ◦C, the dislocation glides first in the soft γ-matrix channels. With the accumulated
dislocation density at the γ′/γ interface, the local stress concentration will activate a
slip of partial dislocations from different slip systems, thus leading to the intersection
of SSFs within the γ′-precipitates. Consequently, the CM247LC alloy exhibits a high
work hardening ability at 650 ◦C. This is according to the Considère criterion [21], as
expressed by:

dσT

dεT
< σT (3)

where σT denotes true stress and εT true strain. The necking instability will occur when the
strain-hardening rate drops to the value of the true stress. In other words, a higher strain-
hardening ability renders a higher tensile ductility. Therefore, as shown in Figure 5, the
highest strain-hardening capability at 650 ◦C leads to a high uniform strain until fracture.

At 800 ◦C, the CM247LC alloy exhibits the highest yield and tensile strength, which
can be attributed to the following reason. On the one hand, a K-W lock is formed in the
γ′-precipitates at 800 ◦C, which is attributed to the cross-slip of dislocation with the help of
thermal activations. The anomalous yield strengthening effect makes the cutting of partial
dislocations into the γ′-precipitates much harder. On the other hand, the lattice misfit
between γ′ and the γ-phase, δ, is defined as:

δ = 2 × aγ′ − aγ

aγ′ + aγ
(4)

where aγ′ and aγ are the lattice parameters of the γ′ and γ-phases, respectively. It has
been proven that the expansion coefficient of γ is considerably higher than that of the
γ′-phase [12,22]. Although the exact value of δ for the CM247LC alloy was not obtained
by an experimental method in this work, the tendency δ versus temperature is similar
for most Ni-based superalloys. For example, Harada et al. [23] demonstrated that the
value of δ becomes more negative with the increasing temperature for single-crystal Ni-
based superalloys, including TMS63, TMS12, and CMSX-4. The J-MatPro calculation result
illustrates that aγ′ = 0.3615 nm and aγ = 0.3611 nm at 650 ◦C, which yields a positive δ
of ~0.116% for the CM247LC alloy, while, aγ′= 0.3638 nm and aγ= 0.3643 nm at 950 ◦C,
which yields a more negative δ of −0.125%. δ becomes more negative with the increasing
temperature, thus leading to a higher coherency strain as the obstacle for dislocations
motion. Therefore, the cutting of partial dislocations from the γ-matrix channel into the
γ′-precipitate becomes more difficult. The accumulated dislocations near the γ′/γ interface,
SSFs, and K-W lock lead to the strain-hardening effects. However, at the same time, the
local stress concentration near the γ′/γ interface can be relieved by the cross-slip and climb
of dislocations with the help of thermal activation, which is termed as the softening effect.
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The feature of stress–strain curves depends on the competition between strain-hardening
and softening effects. Initially, the strain-hardening effect plays the dominant role, thus
leading to the quickly increased flow stress up to the ultimate tensile strength. Then, the
flow stress decreases with the increasing strain due to the softening effects caused by
thermal activation.

At 950 ◦C, the gliding dislocations were mainly constricted to the soft γ-matrix channel
during tensile deformation. The tensile deformation at 950 ◦C is dominated by the climb
and cross-slip of dislocations under the significant thermal activations in the γ-matrix to
bypass over the γ′-precipiates. Therefore, the stress–strain curve illustrates an obvious
softening phenomenon at 950 ◦C.

4. Conclusions

The CM247LC alloy was prepared with the directional solidification technique. The
solidification characteristics, solution, heat-treated microstructure, and tensile properties of
the CM247LC alloy are investigated. The following conclusions are listed as follows:

(1) The directionally-solidified specimen exhibited a representative dendritic microstruc-
ture. The γ-phase first solidified from the melt as the primary phase, followed with
the solidification of MC carbide at 1347 ◦C. MC carbides enriched with Ta, Hf, and Ti
mainly distributed in the interdendritic region. Due to the solute segregation of Ta, Ti,
Al, etc., a γ′/γ eutectic with lamellar structure was found in the interdenritic region.

(2) After 1232 ◦C/2 h +1257 ◦C/2 h, A.C solutioning and 1080 ◦C/4 h, A.C.,
+870 ◦C/20 h, A.C., aging treatments, a homogenous distribution of γ′-precipitates
embedded in the γ-matrix was obtained, along with the γ′-size of 0.31 μm and γ′-
volume fraction of ~50.8%.

(3) At 650 ◦C, the tensile deformation was dominated by the shearing of partial dislocation
into γ′-precipitates to form SSFs. At 800 ◦C, the K-W lock resulted in anomalous
yield effects. The tensile specimen showed the highest σY of 1021 MPa and σUTS
of 1126 MPa at 800 ◦C. The tensile deformation was controlled by the dislocations
bypassing the γ′-precipiates at 950 ◦C.
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Abstract: High temperature oxidation is considered to play an essential role in the thickness debit
effect on the creep rupture life of Ni-based single crystal (SC) superalloys. In order to clarify thickness
effects, thin-walled specimens of different thickness (t = 0.1, 0.3, 1.0 mm) were prepared. Cyclic
and isothermal oxidation tests of a high-Al Ni-based SC superalloy IC21 were carried out at 900 ◦C
and 1100 ◦C in order to study the thickness effects on the oxidation behavior and consequent
microstructural degradation. Thin-walled specimens of S01-N exhibited a good oxidation resistance
when the protective scale-forming elements were enough in the matrix. Specimen thickness tuned the
oxidation kinetics by changing the spallation behavior but had few influences on the thermodynamics.
The easier stress relief via creep deformation in thin specimens is the main reason behind this
phenomenon. Moreover, the obvious temperature effects on the multilayer oxide scales caused the
different thickness-related spallation behaviors. Weaker microstructural degradation appeared and
was further mitigated by reduced specimen thickness. Sufficient Al content is considered to be
indispensable for the formation of protective α-Al2O3 scale with less degradation of matrix during
the high temperature oxidation of thin-walled Ni-based SC superalloy castings.

Keywords: superalloys; thickness; oxidation; high temperature; Al element

1. Introduction

Ni-based single crystal (SC) superalloys have been extensively applied in the turbine
blades of advanced aero-engines owing to their outstanding creep resistance at high tem-
perature [1]. In order to improve the service performances of these hot sections further,
decreasing the casting wall thickness of blades has become an efficient way to meet the
requirements of metal cooling schemes and lower overall weight [2,3]. However, reduced
wall thickness has been verified to increase the strain rate and decrease the creep rupture
life of Ni-based superalloys, which is known as the thickness debit effect and brings a new
challenge for the materials design of superalloys [4–11]. Based on many previous studies
focusing on this issue, high temperature oxidation has been considered to be one of the
critical factors responsible for this effect [12–15]. The obviously shortened creep life of a
thin specimen might be attributed to the notable microstructure degradation as well as
the formation of brittle oxide scales in a service environment [4,11–15]. Nevertheless, the
synergistic effects of other factors with high temperature oxidation make the mechanisms
behind the phenomenon unclear. Therefore, it is essential to study the specimen thickness
effects on the oxidation behavior of a high-aluminum Ni-based single crystal superalloy
and consequent degradation of the γ’-Ni3Al phase.

In the literature [16–19], many studies report the oxidation behavior of superalloys at
lower (800~900 ◦C) and higher temperatures (1050~1150 ◦C). At higher temperatures, the
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oxide scale formed on alloy is composed of α-alumina, spinel and rutile, but that is not the
case at lower temperature. At lower temperatures, the formation of a protective alumina
scale may be not achieved. On the other hand, the outside of the blade was serviced under
cyclic oxidation conditions at 1100 ◦C. However, the inside of the blades was subjected to
lower temperatures [20]. In order to quantify the thickness effect on the oxidation kinetics at
lower and higher temperatures, the typical temperatures of 900 ◦C and 1100 ◦C were used
in this study. The oxidation resistances of Ni-based SC superalloys at high temperature
are generally provided by the formation of protective alumina (Al2O3) and/or chromic
oxide (Cr2O3) scales. Due to the lower diffusion in alumina and the certain amount of
Al required to form the γ’-Ni3Al strengthening precipitates, Al content is more crucial
to maintain the oxidation resistances of superalloys, while Cr is usually micro-alloyed
for further improvement. Previous studies have shown that the specimen thickness has
negligible influence on the initial oxidation of Ni-based alloys before the oxide scale has
reached a critical thickness [12]. However, the specimen thickness effects on the oxidation
kinetics and spallation behavior become significant with increasing exposure time [12]. By
applying a probabilistic spallation model, the thickness effect on the corrosion behavior
of CMSX-4 was attributed to the differences in spallation mechanisms [21]. The distinct
thermal stresses generated in the oxide scale of the specimens with different thicknesses,
which resulted from the mismatch in thermal expansion and elastic modulus between oxide
and matrix alloy, were considered to be the main reasons [12,21]. On the other hand, the
near-surface microstructures of alumina-forming Ni-based SC superalloys were considered
to be strongly altered by high-temperature oxidation, which has been verified both by
modelling and experiments [13,14]. Moreover, this microstructure degradation was found
to be enhanced with increasing temperature and decreasing specimen thickness. However,
the thickness effects associated with high-temperature oxidation might be different due to
varied compositions of superalloys, especially the Al content closely related to the formation
of protective alumina scale. To our best knowledge, few studies focus on this composition-
related thickness effect on the oxidation behavior and microstructural evolution, which
are actually important for the materials design of modern Ni-based SC superalloys for
thin-walled blades. The novelty of this research was combining thickness with different Al
content together to suggest an alloy design for a thin-walled blade.

In the present work, the thickness effects on the oxidation behavior and consequent
microstructure degradation of a newly designed Ni-based SC superalloy with high Al con-
tent (IC21) were studied via high-temperature oxidation tests. The oxidation behaviors at
different temperatures were evaluated by focusing on the oxidation kinetics and spallation
mechanisms. We also paid close attention to the composition effects of Al content on the
γ’ degradation caused by oxidation in thin specimens, based on extensive investigations
on the specimens with different original microstructures. The rest of the present paper is
organized as follows. The specimen preparation and experimental methods are described
firstly in Section 2. Then, the oxidation behaviors of the specimens with different thick-
nesses at 900 ◦C and 1100 ◦C are evaluated by oxidation kinetics, and the composition and
microstructure of the oxide scale are examined in Section 3.1. The oxidation mechanisms are
also discussed from the aspects of thermodynamics and kinetics related to spallation behav-
ior. In Section 3.2, the variation trends in the thickness of the γ’ degradation zone caused
by oxidation are analyzed and further compared among the alloy specimens with different
thicknesses. The microstructural degradation during oxidation that varied with the original
Al content in the thin specimen is also discussed in order to study the composition related
thickness effects. Finally, all the main findings are summarized in Section 4.

2. Experimental Methods

2.1. Specimen Preparation

A newly designed Ni-based SC superalloy with the nominal composition of Ni-
(6.5~8.2), Al-(8.0–12.6), Mo-(1.0–4.5), Ta-(0.8–1.8), Re-(1.3–3.2), Cr-(0.1–0.4) Hf -minor Ce
and Y (in wt.%) is studied in the present work. The main feature of the studied alloy
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is its high content of Al, which results in a higher volume fraction of γ’ precipitates up
to 82%. A casting plate of this superalloy was prepared by high rate solidification. The
specimens with the crystal orientation bias within 5◦ from [001] direction were chosen for
the oxidation tests at high temperature. In order to eliminate the composition segregation,
subsequent heat treatments were conducted following the regime below: 1315 ◦C/4 h +
1320 ◦C/6 h + 1325 ◦C/6 h (air cooling) + 1100 ◦C/2 h (air cooling) + 870 ◦C/32 h (air
cooling). Different thicknesses (t = 0.1, 0.3, 1.0 mm) of specimens were cut from the core
section of the heat-treated superalloy plate paralleling the solidification direction. Here, it is
worth mentioning that we intended to obtain different microstructures from surface to core
in the heat-treated plate by applying the highest solid solution temperature of 1325 ◦C in air.
Additional thin specimens with a thickness of 0.1 mm were cut further from the plate with
different distances away from the surface in order to obtain a variational Al content and
microstructure during solid solution in an air environment. All the detailed information
of the specimens for oxidation tests are shown in Table 1. Before the oxidation tests, all
the specimen surfaces were ground with 2000-grit SiC paper and cleaned ultrasonically in
acetone for 5 min.

Table 1. Detailed information of studied superalloy specimens for oxidation tests at high temperature.

Specimen
Number

Thickness (mm)
Distance from
Surface (μm) *

Morphology of
γ’

Volume Fraction
of γ’ (%)

Average Size of
γ’ (nm)

Average Al
Content (wt. %)

S01-N 0.1 >400 Cubic 82 450 7.6
S03-N 0.3 >400 Cubic 82 450 7.6
S10-N 1.0 >400 Cubic 82 450 7.6

S01-1 0.1 110 Spherical +
Rounded cubic 54 270 4.4

S01-2 0.1 150 Cubic 75 331 6.2
S01-3 0.1 250 Cubic 80 365 7.0

*: measured from the symmetry mirror plane of the specimen to the surface of the alloy plate.

2.2. Oxidation Tests at High Temperature

Cyclic oxidation tests were conducted in a tube furnace at 900 ◦C and 1100 ◦C for
100 h. The length and width of the thin-walled specimen were 10 mm and 8 mm with a
different thickness. The specimen was put in a pre-annealed Al2O3 crucible to protect it
from pollution. During the cyclic oxidation, the specimen was exposed for 50 min in the
furnace and cooled for 10 min to room temperature by an air fan. The heating rates and
cooling rates were about 10 ◦C/s and 20 ◦C/s, respectively. The mass of every specimen
was measured three times before and after different duration times of oxidation by an
electronic balance with a precision of 10−5 g. The average values were used to calculate the
mass gain per unit area and plot the kinetic curves. In addition, the mass change was also
weighted in order to evaluate the spallation behavior. For the thin specimens with different
original compositions and microstructures, isothermal oxidation tests were carried out at
900 ◦C and 1100 ◦C for 100 h as well.

The microstructural morphologies of oxide scales were observed by using a Supra 55
scanning electron microscopy (SEM), and all the images were collected in backscattered
electron (BSE) mode. Composition analyses were also carried out by a D/Max type
X-ray diffractometer (XRD), an energy-dispersive spectroscopy (EDS) and a JXA-8230
electron microprobe analysis (EPMA). In order to evaluate the spallation mechanism
during oxidation, the residual stress in oxide scale was measured via the shifts of the
corresponding XRD spectral peaks. The shift of the XRD spectral peak toward the low
angle direction indicates the generation of tensile stress. The value of biaxial stress is
calculated by using the so-called sin2ψ method as follows,

σφ = − E
2(1 + ν)

cot θ0
π

180
∂(2θφψ)
∂
(
sin2 ψ

) (1)
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in which σφ is stress in direction φ, E is Young’s modulus, ν is the Poisson ratio, θ0 and θ

are the standard and real diffraction angles, respectively, and ψ is the tilt angle.
For the oxides far away from the surface, which usually have weaker XRD spectral

peaks, a laser Raman microprobe (LabRAM HR Evolution) was used to determine the
residual stress in oxide scale instead. The measurements were conducted at ten different
locations on the specimen surface after oxidation by using a He-Ne laser beam. The biaxial
stress σ (in GPa) was calculated by the following equation,

σ = Δν/5.07 (2)

in which Δν (in cm−1) represents the frequency shift of the characteristic luminescence line
of a specific oxide.

3. Results and Discussion

3.1. Thickness Effects on Oxidation Behavior at Different Temperatures
3.1.1. Oxidation Kinetics

The cyclic oxidation kinetics of the superalloy specimens with different thicknesses
was evaluated by the mass gains per unit area as a function of exposure time at 900 ◦C and
1100 ◦C. In order to eliminate the effects of the original microstructure (i.e., composition
effects), the specimens cut from the core section (S01-N, S03-N, S10-N) were tested. Figure 1
shows the microstructure of the core section (the matrix alloy) from which specimens S01-N,
S03-N and S10-N were cut.

 
Figure 1. Microstructure of the core section from which the specimens S01-N, S03-N and S10-N
were cut.

As shown in Figure 2a, the mass gain curves basically follow the parabolic law at
900 ◦C. However, the oxidations at 1100 ◦C reached a steady stage after 20 h, although their
initial stage also followed the parabolic law but with obviously higher rates than those at
900 ◦C. In order to facilitate the comparison between different oxidation temperatures, the
parabolic rate constant kp was calculated based on the equation for parabolic law,

(Δw/A)2 = kp · t + b (3)
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Figure 2. Cyclic oxidation kinetic curves of the specimens of IC21 alloy with different thicknesses
at 900 ◦C and 1100 ◦C: (a) mass gain; (b) mass change. Parabolic rate constant kp is also calculated
according to Equation (2) and shown in (a) with a unit of 10−12 g2·cm−4·s −1; (c) macrostructure after
100 h cycle oxidation at 900 ◦C and 1100 ◦C.

The results shown in Figure 2 indicate that the parabolic rate constant was smaller
for the specimens with smaller thicknesses both at 900 ◦C and 1100 ◦C. The mass gain of
S01-N, S03-N and S10-N specimens were 1.77, 2.32 and 2.45 mg/cm2 at 900 ◦C and 2.19,
2.59 and 3.01 mg/cm2 at 1100 ◦C. Moreover, the differences in the oxidation rate caused by
varied specimen thickness were more obvious for 900 ◦C because of the faster achievement
of a steady stage at 1100 ◦C. On the other hand, the absolute values of mass gain per unit

28



Crystals 2023, 13, 234

area at specific exposure time were also remarkably lower for the thinner specimens. This
is especially true for the cyclic oxidation at 1100 ◦C with a larger change of 0.81 mg/cm−2

between S01-N and S10-N after 100 h compared with that of 0.69 mg/cm−2 at 900 ◦C. As a
result, the mass gain of the thin specimen (S01-N) after 100 h of cyclic oxidation at 1100 ◦C
was even smaller than those of the thicker specimens (S03-N and S10-N) at 900 ◦C. The
spallation behaviors were further analyzed by measuring the mass of spalling oxides varied
with exposure time (Figure 2b). The mass change values close to mass gain suggest that
there was almost no spallation at 900 ◦C. However, powdery spallation of oxides was still
observed in the crucibles containing S03-N and S10-N samples as Figure 2c showed. In
contrast, oxide spallation is proved to evidently happen at 1100 ◦C, which was enhanced
by longer exposure time and larger specimen thickness. The oxide spallation of S10-N was
more obvious than S01-N and S03-N.

3.1.2. Composition and Microstructure of Oxide Scale

The oxidation products formed after 100 h of cyclic oxidation at 900 ◦C and 1100 ◦C
were identified by XRD. As shown in Figure 3, NiO and Al2O3 were detected both at 900 ◦C
and 1100 ◦C, but the spectral peak intensity of Al2O3 was higher for 1100 ◦C. However,
Cr2O3, NiMoO4 and MoO3 only presented for the oxidation at 900 ◦C, while spectral peaks
of NiTa2O6 were detected for that at 1100 ◦C. Moreover, the spinel oxide of NiCr2O4 formed
at 900 ◦C mostly changed to NiAl2O4 for the oxidation at 1100 ◦C. It is worth noting that
the type of oxides was quite similar for the specimens with different thicknesses oxidized
at the same temperature except for the slight variations in content. This phenomenon
suggests that the thermodynamics process of cyclic oxidation at a specific temperature was
hardly changed by the specimen thickness.

 

Figure 3. XRD patterns of oxides formed on the specimens of IC21 alloy with different thicknesses
after 100 h of cyclic oxidation: (a) 900 ◦C; (b) 1100 ◦C.

The cross-section morphologies and compositions of the oxide scales formed after
100 h of cyclic oxidation were investigated and compared further among the specimens
with different thicknesses as well as between 900 ◦C and 1100 ◦C. Multilayer oxide scales
presented in all the specimens with an outmost layer of single oxide NiO (Figures 4 and 5).
The columnar layer of NiO was discontinuous at 1100 ◦C due to the oxide spallation
(Figure 5), while cracking was observed mainly at the interface between NiO and the
oxide layer beneath in the thicker specimens for the cyclic oxidation at 900 ◦C (Figure 4b,c).
Complex oxide layer of NiAl2O4 following a layer of Al2O3 formed beneath at 1100 ◦C,
which became more continuous and denser for the thinner specimen. A small amount
of oxide particles with relatively higher concentrations of Ta were detected at 1100 ◦C,
which are consistent with the XRD spectral peaks of NiTa2O6. Instead, a complex oxide
layer of NiCr2O4 and NiMoO4 formed during the cyclic oxidation at 900 ◦C (Figure 4).
A thin discontinuous layer of Cr2O3 and MoO3 was also detected along with an internal
oxidation zone of Al2O3 with dendritic morphology beneath. These two layers penetrated
to each other at some locations of the thicker specimen (Figure 5b) and resulted in a blurred
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interface in between. Moreover, the internal oxidation of Al is considered to be enhanced
in the thick specimen (Figure 5c) compared with that in the thin one (Figure 5a). Here, we
should emphasize that there were only a few scattered internal Al2O3 formed after 100 h of
cyclic oxidation at 1100 ◦C. Nevertheless, the preferable oxidation of Al in γ’ still resulted
in the formation of an Al-depletion zone between the oxide scale and the matrix alloy at
1100 ◦C, similar to the residual part among the dendritic internal oxides at 900 ◦C. This
Al-depletion zone is commonly known as the γ’-free layer, and the near surface area of
matrix alloy might have a reduced fraction of γ’ precipitates as well (so-called γ’-reduced
layer). The detailed behaviors of these microstructural degradations varied with specimen
thickness and oxidation temperature and will be discussed separately in Section 3.2.

 

 

 

Figure 4. Cross-section morphologies (BSE) and composition distributions (EDS map scanning) of the
oxide scales on the specimens of IC21 alloy with different thicknesses after 100 h of cyclic oxidation
at 900 ◦C: (a) S01-N, 0.1 mm; (b) S03-N, 0.3 mm; (c) S10-N, 1.0 mm. The red square is the area of EDS
map scanning.
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Figure 5. Cross-section morphologies (BSE) and composition distributions (EDS map scanning) of the
oxide scales on the specimens of IC21 alloy with different thicknesses after 100 h of cyclic oxidation
at 1100 ◦C: (a) S01-N, 0.1 mm; (b) S03-N, 0.3 mm; (c) S10-N, 1.0 mm. The red square is the area of
EDS map scanning.

3.1.3. Oxidation Mechanisms
Thermodynamics

Based on the results of the oxidation products and oxide scales above, the oxidation
mechanisms of IC21 alloy are considered to be different for 900 ◦C and 1100 ◦C. The
relationship between the parabolic rate constant and the temperature is able to roughly
predict the type of oxide formed for Ni-based superalloys [22,23]. The curves for the
formations of NiO, Cr2O3, θ- and α-Al2O3 approximated in linear law are plotted in
Figure 6 according to previous data [24]. As shown in Figure 6, the parabolic rate constants
of IC21 alloy for the oxidation at 900 ◦C are all close to the line for Cr2O3. For the oxidation
at 1100 ◦C, the rate constants in the initial stage locate between the lines for NiO and
Cr2O3, while those in steady stage evidently move toward the Al2O3 zone (θ- and α-
Al2O3). Based on the fast transition from θ-Al2O3 to α-Al2O3 during the cyclic oxidation
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of the IC21 alloy at high temperature [25], these results are in good agreement with the
formation of Cr2O3 at a lower temperature but the occurrence of a protective α-Al2O3 layer
at a higher temperature. In general, formation of Al2O3 is preferable over that of Cr2O3
especially at temperatures above 1000 ◦C due to the slower diffusion of reactive elements
in Al2O3 and the volatility of Cr2O3 [26]. As a result, lower rates of the oxidation steady
state appeared for 1100 ◦C, with even smaller mass gain than that at 900 ◦C for long-time
exposure (Figure 2a). Moreover, NiMoO4 and meta-stable MoO3 were only detected with
the effective protection of Cr2O3 at 900 ◦C, owing to the accelerated volatilization of these
oxides at a higher temperature. Unfortunately, the weaker protection of discontinuous
Cr2O3 still caused the formation of internal Al2O3 owing to the faster inward diffusion
of oxygen ions. Nevertheless, the specimen thickness hardly changed the formation
propensities of oxides at 900 ◦C and 1100 ◦C. This has been verified by almost the same
oxide products with similar cross-section microstructures forming on the specimens with
different thicknesses at a specific temperature.

Figure 6. Comparison of the parabolic rate constants kp for the specimens of IC21 alloy with different
thicknesses at 900 ◦C and 1100 ◦C with the kp for pure oxides varied with the temperature [24].

Kinetics Tuned by Spallation Behavior

The oxidation kinetics of the studied alloy is considered to be tuned by changing
the oxide spallation behaviors with specimen thickness, especially at 1100 ◦C. For the
oxidation at 900 ◦C, the residual stress in the outmost layer of NiO was evaluated by the
shifts of its XRD spectrum compared with the standard one. As shown in Table 2, the
results indicate that tensile stress presented in NiO decreased with increasing specimen
thickness. The larger stress relaxation due to more cracking happening in the thicker
specimen (Figure 4b,c) is considered to be responsible for this phenomenon. Consequently,
more oxygen ions diffused inward via the cracks and enhanced the internal oxidation of
Al in the thicker specimen due to the weak protection of discontinuous Cr2O3. On the
other hand, the residual stress in the Al2O3 layer at 1100 ◦C was measured by a Raman
microprobe instead due to the extensive spallation of NiO and the farther location of Al2O3
from the surface. Compressive stresses were detected with much higher absolute values
than those in NiO formed at 900 ◦C. Moreover, lower compressive stress presented in the
severe spallation area of the thicker specimen, which was similar to the case of NiO formed
at 900 ◦C. However, a contrary trend appeared in the area with scarce spallation and weak
residual stress relaxation. In other words, decreasing specimen thickness reduced the
stress concentration in the oxide scale, which in turn decreased the amount of spallation
and improved the oxidation resistance of the IC21 alloy at high temperature. This is also
verified by less mass gain and a more continuous Al2O3 layer in the thin specimen.
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Table 2. Residual stresses (GPa) in the oxide scales of the studied alloy specimens with
different thicknesses.

Specimen Number

Residual Stress (GPa) *

900 ◦C, 100 h (NiO **) 1100 ◦C, 100 h (Al2O3 ***)

No Spallation Less Spallation Severe Spallation

S01-1 0.26 −3.16 −2.52
S01-2 0.24 −3.35 −2.38
S01-3 0.19 −3.82 −2.20

* Positive and negative values represent tensile and compressive stresses respectively; ** normal stress perpen-
dicular to specimen surface was measured via X-ray diffraction spectra analysis; *** in-plane stress parallel to
specimen surface was measured via Raman spectra analysis.

Oxide spallation is generally caused by misfits in thermal expansion and elastic
deformation between oxide scale and matrix alloy [27–29]. However, the much larger
thermal expansion coefficient of NiO compared to those of other oxides (e.g., Cr2O3 and
Al2O3) [30–32] made the exfoliation of NiO take place firstly along the weaker interface
between oxide layers via a buckling route [27,29]. As a result, tensile stress normal to
the alloy surface was generated in NiO, while compressive stress resided in the oxide
layer beneath during cooling. The specimen thickness effects on oxide spallation behavior
can be ascribed to the easier stress relief in the thin specimen via creep deformation [21].
The internal or continuous Al2O3 oxides adhered to the Al-depletion zone rendered the
cooperative deformation of the bottomed oxide layers and matrix alloy. Moreover, the less
spallation but more cracking found at 900 ◦C compared with 1100 ◦C is considered to be
caused by the different types of oxides formed under the NiO layer as well as the smaller
temperature drop during cyclic oxidation.

3.2. Composition Related Thickness Effects on Microstructural Degradation
3.2.1. Thickness Effects under Fixed Composition

Besides the specimen thickness effects on oxidation behavior, the microstructural
degradation caused by high-temperature oxidation is also crucial to the creep resistances of
superalloys, especially for thin-walled components. Based on the cross-section microstruc-
tures after cyclic oxidation at 900 ◦C and 1100 ◦C illustrated in Figures 4 and 5, the cubic
morphology of the matrix alloy in all the specimens hardly changed, except for the γ’-free
layer with depletion of Al. However, a careful investigation of the statistics of the volume
fraction of γ’ precipitates along the depth of the specimen confirms the existence of a
γ’-reduced layer after 100 h of cyclic oxidation at 1100 ◦C (Figure 7), which is in agreement
with the cases in other traditional Ni-based superalloys [13–15,21]. The γ’-reduced layer
consisted of an 8 μm wide region with a sharply decreased volume fraction of γ’ right
beneath the γ’-free layer and another much wider region with gentle variation. Although
the sharply γ’-reduced region was almost identical for the specimens with different thick-
nesses, a narrower γ’-free layer and a gently γ’-reduced region with a smaller linear slope
(Sl) presented obviously in the thin specimen (S01-N). Here, we should mention that the
bottom of the γ’-reduced layer in the thin specimen was already close to its core (mirror
plane) because of its limited original thickness (0.1 mm). Moreover, the volume fraction
of γ’ in the core of the thin specimen (~70% in S01-N) was still lower than those in the
thicker specimens (~80% in S03-N and S10-N), which were almost the same as the original
one before oxidation (82%). The higher consumption of Al to promote the fast formation
of α-Al2O3 in the thin specimen is considered to be the reason behind this finding. It is
important to emphasize that the γ’-reduced layer in the studied IC21 alloy was much
narrower than those found in CMSX-4 an3d René N5 [14,21,22], regardless of specimen
thickness. In addition, there was even no γ’-reduced layer formed during the oxidation
of the IC21 alloy at 900 ◦C. These discrepancies in the γ’ degradation zones after high
temperature oxidation among the IC21 alloy and other Ni-based superalloys are ascribed
to the high-Al content in the studied alloy, which will be discussed in detail below.
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Figure 7. Volume fractions of γ’ precipitates along the depth of the specimens of the IC21 alloy with
different thicknesses after 100 h of cyclic oxidation at 1100 ◦C. The γ’-free layer was defined as the
region with zero volume fraction of γ’, while the γ’-reduced layer was defined as the region with a
lower volume fraction of γ’ than the original one (or that in the core). The fitted linear slopes of the
gentle variation region in the γ’-reduced layer Sl are shown as well.

3.2.2. Composition Effects in Thin-Walled Specimen

The composition effects on the microstructural degradation were studied by the oxida-
tion tests of a series of specimens with different original Al contents and γ/γ’ morphologies.
The variations in composition and microstructure were achieved by cutting the specimens
from the heat-treated plate with different distances away from the surface. We paid close
attention to the microstructural evolution in the thin-walled situation by only isothermal
oxidizing the specimens with a thickness of 0.1 mm at 1100 ◦C for 100 h. As the detailed
information of these thin specimens (S01-1, 2, 3, N) shows in Table 1, the increasing original
Al content resulted in increasing the volume fraction and average size of γ’ precipitates,
the morphologies of which changed from sphere to cube. However, inhomogeneous Al
contents and γ/γ’ microstructures might exist in each single specimen due to the relatively
larger scale of the specimen thickness (0.1 mm) compared to those of the γ’ degradation
regions near the surface after heat treatments. After 100 h of cyclic oxidation at 1100 ◦C,
similar oxide products formed in all the specimens, but a much denser α-Al2O3 layer was
observed in the specimen with higher original Al content. In other words, there was a
critical value of Al content to support the formation of a protective and continuous α-Al2O3
scale to maintain the oxidation resistance of the superalloy.

On the other hand, the microstructural degradation caused by the isothermal oxi-
dation was affected by the original Al content of the specimen even more. As shown in
Figure 8, most of the matrix alloy in S01-1 became the γ’-free layer, while residual γ/γ’
microstructures were still left in the core of the specimens with higher original Al content.

The matrix of the S01-N specimen still had a coarsened γ’ content of 70 vol% and a
thickness of 74 μm matrix residual after 100 h cycle oxidation. However, the spherical
combined with rounded cubic morphologies of γ’ precipitates in S01-2 changed to spherical
morphologies with a larger size of 1 μm. Moreover, γ’ precipitated with a strip shape
formed after oxidation in S01-3 instead of the original cubic morphology. It is worth noting
that only a slight coarsening of γ’ precipitates happened in S01-N, which also had the
thickest residual γ/γ’ zone but the thinnest γ’-free layer. Further analysis results on the
thicknesses of the residual matrix alloy, especially the residual γ/γ’ zone, reveal their
upward trends with increasing original Al content (Figure 9). In addition, the slope of
the thickness of the residual γ/γ’ zone was higher than that of the whole residual matrix
alloy. As a result, the thickness of the γ’-free layer reduced in turn. Accordingly, the Al
content at the γ’-free/γ’-reduced interface after isothermal oxidation also followed a similar
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increasing trend but with a much smaller slope than that in the core as a function of the
original Al content (Figure 10). Consequently, the difference in the Al content between the
γ’-reduced layer and the core section was larger for the thin specimen with higher original
Al content. In other words, the formation of protective α-Al2O3 can only be supplied by the
sufficient Al contents in the near surface area without deteriorating the γ/γ’ microstructure
in the core which was the same as that reported in the literature [33–35]. The obtained
results discussed above verified that the high-Al content was the main reason for the
weaker microstructural degradation during the high temperature oxidation of the IC21
alloy. Furthermore, this composition effect of Al was even more important for the oxidation
behavior and microstructural evolution of the thin specimen. Nevertheless, only the
variation trend of the γ’ degradation zones has been disclosed in this study, while further
works need to be carried out to determine the critical value of Al content quantitatively.
The present study lays a foundation for the design of high-Al Ni-based SC superalloys,
which are beneficial to improve oxidation resistance and mitigate the thickness debit effects
in a service environment. In order to decease the degree of thin-wall blade oxidation, a
method was proposed by adopting a NiPtAl coating and a thermal barrier deposited by EB
PVD (electron beam physical vapor deposition). However, the inside of the blades which
were subjected to lower temperatures may use CVD (chemical vapor deposition coating) to
protect the matrix.

  

  

Figure 8. Cross-section morphologies of the thin specimens (thickness of 0.1 mm) with different
original Al contents after 100 h of isothermal oxidation at 1100 ◦C: (a) S01-1; (b) S01-2; (c) S01-3;
(d) S01-N. The magnified morphologies in the core are shown as inner figures in order to reveal
the microstructure degradation more clearly. The original microstructures before oxidation are also
shown for comparison.
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Figure 9. Thicknesses of the residual matrix alloy region in the thin specimens (thickness of 0.1 mm)
with different original Al contents after 100 h of isothermal oxidation at 1100 ◦C. The thicknesses
of the residual γ/γ’ zone and the γ’-free zone, which make up the residual matrix alloy region, are
also plotted.

Figure 10. Variation of Al content in the thin specimens (thickness of 0.1 mm) with different original
Al contents after 100 h of isothermal oxidation at 1100 ◦C. The values measured in the core and at the
γ’-free/γ’-reduced interface are plotted in accordance with the distances to the surface of alloy plate,
from which the specimens were cut. The vertical dashed lines are plotted to distinguish the sampling
areas with different original Al contents. The original Al contents in the alloy plate as a function of
distance are also plotted for comparison.

4. Conclusions

The thickness effects on the oxidation behavior and microstructural degradation of
a high-Al Ni-based SC superalloy IC21 were studied via cyclic and isothermal oxidation
tests at 900 ◦C and 1100 ◦C. The mass gain of S01-N, S03-N and S10-N specimens were 1.77,
2.32 and 2.45 mg/cm2 at 900 ◦C and 2.19, 2.59 and 3.01 mg/cm2 at 1100 ◦C. Temperature
was found to have obvious influences on the oxidation thermodynamics and kinetics of the
IC21 alloy. Compared with the discontinuous Cr2O3 and internal dendritic Al2O3 observed
after the cyclic oxidation at 900 ◦C, the continuous Al2O3 layer without oxides of Mo
formed instead at 1100 ◦C. As a result, the IC21 alloy achieved a steady stage of oxidation
faster at 1100 ◦C, within 20 h. Specimen thickness also showed evident effects with higher
oxidation resistance presented in the thinner specimen both at 900 ◦C and 1100 ◦C. However,
the specimen thickness hardly changed the oxidation thermodynamics but did tune the
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kinetics by altering the oxide spallation behavior of the IC21 alloy. The easier stress relief in
the thin specimen via creep deformation is considered to be the main mechanism, while
the severe spallation at 1100 ◦C was ascribed to the different oxidation products as well
as the larger temperature variation. Moreover, the microstructural degradation during
oxidation, which was characterized by the γ’-free and γ’-reduced layers in the residual
matrix alloy, was weaker in the studied IC21 alloy than those in CMSX-4 and René N5
due to its high Al content. This γ’ degradation was further mitigated by smaller specimen
thickness due to the higher consumption of Al. The matrix of the S01-N specimen still had
a coarsened γ’ content of 70 vol% and a thickness of 74 μm matrix residual after a 100 h
cycle oxidation. The composition effects on the microstructural degradation studied via the
isothermal oxidation tests of thin specimens with different original microstructures verified
the indispensable role of sufficient Al in the achievement of higher oxidation resistance
and microstructural stability, especially for a thin-walled situation. The results obtained in
the present study shed light on the mechanisms of the composition-related thickness debit
effects and lay a foundation for the materials design of modern Ni-based SC superalloys.
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Abstract: With the complexity of the structure of aero-engine turbine blades, the blade wall thickness
continues to decrease. It is found that when the blade wall thickness decreases to a certain extent, its
mechanical properties will decline significantly. It is extremely important to study this phenomenon
of a significant decline in mechanical properties caused by wall thickness. In this paper, the creep
behavior of a second-generation Ni3Al-based single crystal superalloy with different wall thicknesses
and [001] orientation at 980 ◦C/220 MPa has been studied and compared with the creep life of Φ4
round bar. The experimental results show that the second orientation and the surface affected zone
are not the main reasons for the reduction of the life of thin-walled samples under this experimental
condition. By analyzing the fracture morphology and deformed microstructure of thin-walled
samples with different thicknesses, it is found that the thickness debit effect of the single crystal
alloy occurs since the effective stress area of the alloy changes due to internal defects and surface
affected zone during the creep process. For thicker samples, the creep life of the alloy can be extended
by making the samples undergo certain plastic deformation through better plastic deformation
coordination ability, while for thinner samples, the plastic coordination ability is poor, and the ability
to extend the creep life through plastic deformation is also weaker when the effective stress area of
the alloy changes, which leads to the thinner samples being more prone to fracture.

Keywords: single crystal; thickness debit effect; creep; Ni3Al-based superalloys

1. Introduction

As an intermetallic compound phase, Ni3Al has a high specific strength and specific
stiffness, especially good high-temperature mechanical properties. Ni3Al phase contains
high Al content, which has a low density compared with other alloy elements. Therefore,
Ni3Al-based single-crystal superalloys also have the advantage of low density. Ni3Al-based
single crystal superalloy mainly consists of γ and γ′ phases. Under the condition of high
temperature and stress, the two phases will undergo complex changes. This change in
microstructure will affect the mechanical properties of the material. Therefore, it is very
important to study Ni3Al-based single crystal superalloy [1–4].

Because of the excellent properties of Ni3Al-based single-crystal superalloy, it has
attracted extensive attention as a candidate material for aero-engine turbine blades. In
recent years, researchers have paid attention to the lightweight of turbine blades to meet
the increasing design requirements of aero-engine turbine blades [5]. To make the blade
lighter and thinner, researchers have continuously reduced the section size of specific
parts of the blade and found that when the section size is reduced to a certain extent,
the mechanical properties of these parts will decline significantly, which seriously affects
the performance of the aero-engine. Therefore, people began to study the reason for
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performance degeneration caused by the change in section size [1,6–8]. The thickness debit
effect is also called the section size effect, which means that when the size of the section
direction of the part decreases to a certain extent, its mechanical properties will change
significantly compared with the standard test bar [9,10].

The thickness debit effect of single crystal superalloys has been studied by researchers [11–16].
Some researchers believe that the thickness debit effect of single-crystal alloys is mainly
caused by surface oxidation behavior [17,18]. Brunner et al. believed that the thin-walled
sample has a high proportion of surface area, resulting in its performance being greatly
affected by surface changes [19]. It is obvious that oxidation will be affected by the surface
state of the alloy, such as secondary orientation. Zhao studied the relationship between the
second orientation and the properties of thin wall samples of DD6 single crystal superalloy
at 850 ◦C/560 MPa and 980 ◦C/250 MPa. It was found that when the primary orientation
was [001], the greater the deviation of the second orientation from the [010] direction, the
more the creep properties decreased [7,20]. At present, there are many kinds of research on
the effects of primary orientation on the properties of tubes, but there is a lack of research
on the effects of different secondary orientations on the properties of thin walls.

At present, studies on the thickness debit effect of single-crystal superalloys mainly
focus on Ni-based single-crystal alloys, and no uniform explanation has been provided
for the cause of the thickness debit effect. Furthermore, studies on the thickness debit
effect of Ni3Al-based single crystal alloys are even fewer [7,21]. Therefore, based on a
second-generation Ni3Al-based single crystal superalloy, the creep life of the alloy with
three kinds of wall thickness samples of 0.3, 0.5, and 0.7 mm at 980 ◦C/220 MPa was studied
in this paper. By comparing the creep life with that of Φ4 round bar, whether the three
samples will produce the thickness debit effect is analyzed. The main influencing factors of
the thickness debit effect of the alloy are revealed by analyzing the microstructure, which
will provide some references for the subsequent research on the thickness debit effect.

2. Experimental

The alloy used in the test was a second-generation Ni3Al-based single-crystal su-
peralloy. After being refined at about 1600 ◦C in a directional solidification furnace, it
was cast into the mold shell. Then the mold shell was pulled out of the insulation area
at a speed of 4.5 mm/min, and the single crystal test bar was obtained by removing the
mold shell after cooling. The single crystal test bar was etched with hydrochloric acid
hydrogen peroxide solution to check the integrity of the single crystal. The main essential
components are listed in Table 1. Test bars with good single crystal integrity for standard
heat treatment (1300 ◦C, 2 h/1310 ◦C, 2 h/1320 ◦C, 2 h/1325 ◦C, 4 h/1330 ◦C, 6 h/argon
gas cooling/1040 ◦C, 6 h/argon gas cooling/870 ◦C, 6h/furnace cooling) were selected.

Table 1. Composition of the used Ni3Al-based single-crystal superalloy (mass %).

Element Ni Al Cr Mo Re Ta Y

Content Excess 7.6–8.3 1.5–2.5 9–13 0.5–1.5 2.4–4.0 0.01

The X-ray backscattering Laue method was used to conduct the crystal orientation test
along the axis of the test bar. The test bar with the primary orientation deviating less than 5 ◦
from the [001] direction was selected. With the consideration of the secondary orientation,
the secondary orientation perpendicular to the side of the sample was controlled to deviate
less than 5 ◦ from the [110] and [010] directions, respectively. The specific sampling method
and sample size are shown in Figures 1 and 2.

In order to ensure the surface quality of the thin wall sample, the 1 mm thick sample
was processed by wire cutting, and then the surface and side of the sample were ground
with 400, 600, 800, 1000, 1200, and 1500 silicon carbide sandpaper in turn. The error in the
thickness direction of the sample was ±0.02 mm. Finally, the surface of the sample was
polished with a diamond polish of 0.5 nm particles. The surface of the treated sample was
required to be free of obvious scratches and other defects.
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Figure 1. The schematic of samples with [001] primary orientation and different secondary orientation
with [110] and [010].

(a) 

 
(b) 

 
(c) 

Figure 2. Test pieces’ sizes: (a) Thin wall sample size, (b) Φ4 round bar size, (c) picture of the sample.

All creep tests were conducted according to the uniaxial tensile creep test method
for metallic materials (GB/T 2039-2012), and the test conditions were 980 ◦C/220 MPa.
After the test, samples were taken from the fracture area and test section of the sample,
respectively, for polishing. The reagent prepared by CuSO4+100mL HCl+100mL C2H5OH
was used for corrosion. All the microstructure characterizations were conducted by scan-
ning electron microscope (SEM, Apreo S LoVac, FEI, Czech) equipped with an electron
backscatter diffraction (EBSD) system (orientation analysis) operated at 25 kV and an
energy dispersive spectroscopy (EDS) system operated at 20 kV. The fracture surface of the
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sample was treated by ultrasonic cleaning, the fracture morphology and microstructure
were observed by SEM, and the surface oxide composition was analyzed by EDS. To further
analyze the crystal change, EBSD was used to characterize the crystal rotation near the
fracture surface of the sample.

3. Results and Discussion

In order to study the influence of wall thickness and secondary orientation on the
creep property of the sample, thin wall samples with the second orientation of [110] and
[010] are selected for testing. The creep life of thin wall samples with different thicknesses
and Φ4 samples is shown in Figure 3.

 
(a) (b) 

Figure 3. Creep life of thin-walled samples with different thicknesses and Φ4 round bar samples
at 980 ◦C/220 MPa. (a) Relationship between wall thickness and creep life. (b) The creep curves at
980 ◦C/220 MPa.

It can be seen from Figure 3a that the creep life of the 0.3–0.7 mm thin-walled sample
is far less than Φ4 round bar sample. The creep life of the thin wall sample with a wall
thickness of 0.7 mm is 38% lower than that of the Φ4 round bar sample. The creep life of
the 0.5 mm thin wall sample is 48% lower than that of the Φ4 round bar sample. The creep
life of 0.3 mm thin wall sample is 60% lower than that of the Φ4 round bar sample. Since
the creep life has decreased by 38% at 0.7 mm, which is much smaller than that of the Φ4
round bar sample, it can be determined that the Ni3Al-based single crystal superalloy has
produced the thickness debit effect when the wall thickness is smaller than 0.7 mm. At
the same time, there is little difference between the creep life of the thin-walled sample
with the second orientation of [110] and [010], that is, the secondary orientation has no
obvious effect on the creep life of the thin-walled sample under this test condition. It can
be seen from Figure 3b that the strain of the Φ4 round bar sample is about 34%, while the
average strain of 0.5 and 0.7 mm thin-walled sample is about 69%, and the strain of 0.3 mm
thin-walled sample is about 36%. It can be seen from the strain that when the thickness
debit effect is produced, the strain will also decrease significantly when the wall thickness
reaches a certain value. Thin-walled samples take much shorter periods of 1% strain than
round-bar samples. It can also be seen from the figure that the thin-walled sample has no
obvious second stage of creep, and its strain and strain rate increase with time until the
sample breaks.

Figure 4 is the fractured image of the sample with primary orientation [001] and
secondary orientation [010]. It can be seen from Figure 4a–c that the fracture surfaces of
0.3–0.7 mm thin wall samples are rectangular, and the thickness of the fracture surfaces are
0.23, 0.32, and 0.48 mm, respectively. The height difference between the left and right sides
of the fracture surface is very small, and there are dimples inside. The fracture surface of
the standard round bar sample is basically circular, and the diameter changed from Φ4 to
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Φ3.4. The interior is full of tearing edges. It can be seen from the fracture surface of the
thin-walled sample that the fracture surface thickness of the 0.3 mm sample decreases by
23%, and the average fracture surface thickness of the 0.5 and 0.7 mm samples decreases
by 33.5%. Therefore, the deformation of the 0.3 mm sample in the length and thickness
direction is smaller than that of the other two thickness samples, the differences regarding
deformation are revealed in the following discussion part.

Figure 4. Thin-walled samples with different thicknesses and Φ4 round bar at 980 ◦C/220MP fracture
of sample (a) fracture surface of 0.3 mm sample, (b) fracture surface of 0.5 mm sample, (c) fracture
surface of 0.7 mm sample, (d) fracture surface of Φ4 round bar.

The white box in Figure 4a is an obvious dimple area by observing the fracture surface
characteristics, while a large area of cleavage surface appears on the left side. Therefore,
it is speculated that the crack will initiate and expand from the right side. When the
crack expands to the left side, the sample will break instantaneously due to the smaller
load-bearing area. In Figure 4b, a square cleavage surface is found in the white boxes on the
left and right sides with tear edges around it, while the middle of the sample is a transient
fracture zone with cleavage characteristics. A small dimple area is found in the white box
in Figure 4c, and there is an obvious strip-like transient fracture area in the middle of the
fracture. In Figure 4d tearing edges are distributed evenly at the fracture surface, and
some cleavage surfaces are found on the left side of the fracture surface. Compared with
Figure 4a, the proportion of cleavage surface in Figure 4d is far less than that in Figure 4a,
indicating that the instantaneous fracture zone in the round bar sample is smaller than
that in the thin wall sample. It can be seen from the analysis in Figure 4 that the three wall
thickness samples all show the characteristics of mixed ductile-brittle fracture, of which the
0.3 mm thick sample has the largest transient fracture zone, indicating that the sample is
more prone to fracture when the effective stress area changes in this thickness.

Figure 5 shows the composition and thickness comparison diagram of the affected
zone of the sample test section, and the affected zone is the average value of the test section.
It can be seen from Figure 5a that the affected zone of the alloy thin wall sample consists
of the NiO zone, Al and Ni oxides zone, and γ′- free zone. Figure 5b shows the thickness
of the affected zone in the test section of the thin-walled sample and the Φ4 round bar
sample with the second orientation of [010]. It can be seen that the thickness of the affected
zone of the Φ4 round bar sample is larger, about twice that of the thin-walled sample,
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but its overall proportion in the diameter direction is only 0.94%, far less than that of the
thin-walled sample. The thickness of the affected zone of 0.3–0.7 mm thick, thin-walled
samples has little difference, and the proportion in the thickness direction is 3.4–7.2%.
Creep experiments found that the creep life of the 0.3 mm thick sample is about 70% of that
of the 0.7 mm thick sample, but the thickness of the affected zone is not much different, so
the thickness of the affected zone is not the main reason for the difference in the creep life
of the two thin-walled samples.

Figure 5. Thickness of affected zone in the test section of thin wall sample and Φ4 round bar sample
with the secondary orientation of [010] (a) composition of the affected area, (b) thickness comparison
of the affected zone.

Figure 6 shows the comparison of the affected zone in the test section of 0.7 mm
thick samples with different secondary orientations. It can be seen from the figure that
the thickness difference of the affected zone of the two thin-walled samples is not obvious,
indicating that the second orientation of the sample in this experiment has no significant
influence on the thickness of the affected zone.

Figure 6. Thickness of affected zone of 0.7 mm thin walls (a) with the second orientation of [110],
(b) with the second orientation of [010].

The microstructure comparison of the thin wall sample at 1 mm from the fracture
surface is shown in Figure 7. It can be seen from the figure that the fracture microstructure
of the 0.3–0.7 mm thin-walled samples presents a fine γ phase, and γ phase of 0.3 mm
and 0.5 mm samples is smaller than that of 0.7 mm samples. This kind of fine γ phase is
surrounded by γ’ phase, forming many “islands”, that is, “Topology inversion” [22]. In
the evolution of γ/γ’ phase morphology, the volume fraction of γ’ raft changes [23]. The γ’
phase is the main strengthening phase in single crystal superalloy, which is beneficial to the
mechanical properties of the alloy at high temperatures, and the broken γ phase will form
more γ/γ’ two-phase interfaces [24]. The γ/γ’ two-phase interface is conducive to forming
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an interfacial dislocation network, which effectively hinders the dislocation movement and
improves the mechanical properties of the alloy [25].

Figure 7. Microstructure of thin wall sample 1 mm from the fracture surface (a) 0.3 mm sample,
(b) 0.5 mm sample, (c) 0.7 mm sample.

The same as in other tests, it was found in this experiment that the maximum strain
variable of thin-walled samples would increase with the increase in wall thickness [8,16].
From the perspective of maximum strain, the 0.7 mm sample has a longer creep life than
the 0.3 mm sample may be due to its stronger deformation coordination ability. When
the plastic strain of the alloy increases due to defects such as micro holes during the creep
process of the sample, the thicker sample can extend the life of the sample through stronger
deformation coordination ability, while the thinner sample is difficult to extend the creep
life of the sample through deformation due to poor deformation coordination ability, so
it will fracture when the alloy plastic strain is large, which is also consistent with the test
results of the 0.3 mm sample with deformation of less than 0.7 mm sample mentioned
above. At the same time, this is consistent with the study of Huttner et al., that the creep
fracture strain and creep life decrease with the decrease of the wall thickness of the sample
1–0.3 mm [26].

To verify this prediction, we analyzed the crystal rotation from the misorientation.
EBSD was used to observe the misorientation at 1 mm of the fracture of 0.3 and 0.7 mm
samples. The direction was parallel to the loading direction of the samples, and the length
was about 650 μm. As can be seen from Figure 8a, the maximum misorientation of the
0.3 mm sample in the Z direction is 2.08◦. From Figure 8b, the maximum misorientation of
the 0.7 mm sample in the Z direction is 2.9◦, that is, the thick sample has a greater degree
of misorientation in the Z direction, and the thin sample has a smaller misorientation at
fracture. This is consistent with the above results, the thinner the sample, the smaller the
plastic deformation.

Figure 8. EBSD inverse pole figure of 0.3 and 0.7 mm sample 1 mm away from the fracture surface
(a) Z direction of 0.3 mm sample, (b) Z direction of 0.7 mm sample.

From the above research, it can be seen that the second orientation has little effect
on the creep life of the alloy sample with a wall thickness of 0.3–0.7 mm. The thickness
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of the affected zone of the samples with different wall thicknesses is similar, and there is
no significant difference, which indicates that the affected zone is not the main reason for
affecting the creep life of the alloy. Through the analysis of the morphology, deformation,
and microstructure of the fracture surface of the thin-walled sample, it can be inferred
that the causes of the thickness debit effect of the single crystal alloy thin-walled sample
are as follows: during the creep process, due to internal defects and surface affected
zone, the effective force area of the alloy changes. According to Wen [27], the necking
degree of thin-walled specimens increases with the increase of wall thickness at high
temperatures. Combined with the above research on the wall thickness change at the
fracture, the increase of necking degree is equivalent to plastic deformation, for thicker
samples, plastic deformation can be made to prolong the creep life of the alloy by better
plastic deformation coordination ability, but the plastic coordination ability of thinner
samples is poor. When the effective force area of the alloy changes, the way of prolonging
the creep life by plastic deformation is weaker, and the plastic deformation sample of the
after-creep fracture is smaller. The relationship between the thickness debit effect and
deformation coordination ability has been studied by researchers. We know that the plastic
deformation of the alloy is closely related to its activated slip system. Lv et al. [21] studied
the thickness debit effect from the slip systems, they believed that the six slip systems
of the {111}<110>type and one slip system of the {111}<112>type were activated during
the creep of the thin wall sample. The eight slip systems of {111}<110>type and the two
slip systems of {111}<112>type of the thick sample were activated. Due to the different
activated numbers of slip systems, the deformation coordination ability of thin samples is
poor, which is consistent with the conclusion of this paper. The study of Huttner et al. [26]
also shows that there is a relationship between sample thickness and strain, and the strain
of samples decreases with the decrease of wall thickness, which is consistent with the
poorer plastic compatibility of thinner samples in this paper.

4. Conclusions

In this study, the thickness debit effect in creep performance of a Ni3Al-based single
crystal superalloy was studied. Through comparative analysis of sample orientation,
affected zone, and microstructure, the following main conclusions are obtained:

1. The Ni3Al-based single crystal superalloy studied in this experiment has an obvious
thickness debit effect for 0.3–0.7 mm samples at 980 ◦C/220 MPa. It is found through the
test that the second orientation [110] and [010] have no significant effect on the creep life of
the thin wall samples.

2. By comparing the thickness of the affected zone of the sample with 0.3–0.7 mm
thin wall, it is found that the thickness difference of the affected zone of the samples is not
significant, indicating that the affected zone is not the main reason for the reduced life of
the sample with a thin wall.

3. Based on the analysis of the microstructure of the thin-walled sample and the plastic
deformation of the sample after fracture, a possible cause of the thickness debit effect was
proposed. The thicker sample has better deformation coordination ability than the thinner
one. When the stress condition of the sample changes due to defects in the creep process, the
thicker sample can produce plastic deformation through its better deformation coordination
ability and thus prolong the creep life, but the thinner sample can only prolong the creep
life with smaller plastic deformation amount due to its poor deformation coordination
ability. As a result, its creep life is shorter, and its fracture strain is smaller.
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Abstract: In superalloys, topologically close–packed (TCP) phases, which contain refractory elements,
usually significantly influence the mechanical properties. The current work investigates the structure
and composition of the TCP phase in an Al–Mo–rich Ni–based single crystal superalloy. It is shown
that after 40 h of thermal exposure, a large number of strip–like TCP phases are formed, which are
enriched in Mo and Re. The structure of the TCP phase is identified as the tetragonal σ phase with
the lattice parameter a being 0.93 nm and c being 0.50 nm. During the creep process, the single
crystal tilts obviously and leads to orientation variation from <1 1 0> direction. Two groups of
dislocations are observed in the deformed sample. One group contains straight dislocation lines and
another group contains dislocation networks. The interaction between TCP phase and dislocation
in the single crystal superalloy is studied to reveal the effect of the TCP phase on the deformation
behavior. During creep, the σ phase hinders the dislocation movement, which may contribute to the
propagation of the cracks and the final fracture.

Keywords: single crystal superalloys; topologically close–packed phase; crystal structure; dislocation
movement; transmission electron microscope

1. Introduction

Ni–based single crystal (SC) superalloys usually include many elements, such as Ni,
Al, Mo, Cr, Co, W, Ti, Ta, Re and Ru [1]. These constituent elements can be classified into two
categories, i.e., γ’ phase forming elements and γ phase forming elements [2–7]. The γ’ phase,
Ni3(Al, Ta), is a simple cubic L12 crystal structure with definite occupation of Al(Ta) and
Ni atoms. Al(Ta) atoms are at the corners of the cube and Ni atoms are at the center of the
plane. Thus the γ’ stoichiometric composition is Ni3(Al,Ta). The γ phase forming elements
refer to alloying elements distributed mainly in the γ matrix. The representative elements
include Mo, Co Cr, W, Re and Ru [8]. These γ phase forming elements could significantly
increase the solidus temperature and decrease the stacking fault energy, enhancing thermal
stability and creep properties [9,10]. In addition, γ phase forming elements will have a
great influence on the microstructure, diffusion and dislocation motion of SC superalloys,
which could bring tailored mechanical properties. For example, Re is often added into the
γ phase to slow down the dislocation motion and affect the mechanical properties [11–14].
According to Wu, the Re enrichment in dislocations provides direct evidence of solute
drag and pipe diffusion, resulting in a reduced dislocation velocity and transport of matrix
elements into the γ’ precipitates [15].

However, the addition of refractory elements (e.g., Re, W and Mo) [15] often results
in the precipitation of brittle topologically close–packed (TCP) phases (σ, μ, P, and R,
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etc.) [16,17] due to the congregation during high–temperature service, and these TCP phases
are usually harmful to creep properties. Therefore, to guarantee the creep performance of
SC superalloys, it is necessary to investigate the evolution of the TCP phase, as well as its
influence on the deformation behavior. TCP phases are extensively studied in traditional
Ni–based single crystal superalloys, such as the morphology of the TCP phase [18], the
orientation relationships between TCP phases and matrix [19], and the effect of time and
temperature on the TCP precipitation [20]. In recent years, single crystal superalloys with
high Al and Mo contents draw more researchers’ attention. These single crystal superalloys
usually have higher γ’ volume fraction and good creep performance at an ultrahigh
temperature [21,22]. Meanwhile, there is a large tendency for the precipitation of the TCP
phase in these alloys, since the low γ volume fraction easily leads to supersaturation of
refractory elements and the precipitation of the TCP phase.

However, there is limited research on the structure and evolution of the TCP phase
in single crystal superalloys with high Al and Mo contents. Ai Cheng et al. [23] studied
the microstructure stability of TCP in Al–Mo–rich Ni–based single crystal superalloys
under unstressed long–term (250 h) conditions, and the TCP phases in both long–term
aged cellular and dendritic samples were identified as P phases. Whether the structure
of the TCP phase will remain stable or change during thermal exposure is still unknown.
Furthermore, the interaction of the TCP phase and dislocations during the creep process
also remains unclear. In this work, we systematically investigate the structure of the TCP
phase in the Al–Mo–rich Ni–based model SC superalloy and analyze the evolution of the
TCP phase during the thermal exposure process at 1100 ◦C. The dislocation evolution
and the interaction with the TCP phase of the Al–Mo–rich Ni–based SC superalloy are
also investigated.

2. Experimental

The experimental alloy used in this work was an Al–Mo–rich Ni–based model SC
superalloy with the nominal composition Table 1. Directional solidification experiments were
carried out by a high rate solidification (HRS) apparatus. After directional solidification,
the model SC superalloy underwent a solution treatment (1300 ◦C/2 h + 1305 ◦C/2 h +
1310 ◦C/2 h + 1315 ◦C/2 h + 1320 ◦C/4 h + 1325 ◦C/6 h, air cooling). Creep tests were carried
out according to GB–2039–2012. The alloy composition is shown in Table 1. For the thermal
exposure experiment, the sample after solution treatment was exposed to an air atmosphere
at 1100 ◦C for 40 h. A normal creep (maximum strain is ~80%) experiment was conducted
using the sample after solution treatment at 1100 ◦C and 140 MPa, and slices were cut from
1 mm and 10 mm away from the fracture surface for microstructure observation.

Table 1. Composition of the used Ni3Al–based single–crystal superalloy (mass %).

Element Ni Al Cr Mo Re Ta

Content Excess 7.6–8.3 1.5–2.5 9–13 0.5–1.5 2.4–4.0

The cut surface was mechanically ground with silicon carbide abrasive paper (P200
to P3000), and then polished with diamond paste to a mirror level. The etching solution
used to reveal the γ’ phase is 20 g CuSO4 + 100 mL HCl + 100 mL C2H5OH. Microstructure
characterizations were conducted by Apreo S LoVac scanning electron microscope (SEM)
equipped with an energy dispersive spectroscopy (EDS) system operated at 20 kV and
electron backscatter diffraction (EBSD) system (orientation analysis) operated at 25 kV.
EDS experiments were conducted to analyze the composition of the TCP phase, and EBSD
experiments were conducted to analyze the orientation variation after deformation. In
order to further analyze the structure of the TCP phase, focused ion beam technology was
used to make a transmission electron microscope sample using Helios G4 CX equipment.
Then, the morphologies of TCP phase and dislocations of SC superalloy were identified by
a JEM 2100 TEM operated at 200 kV.
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3. Results and Discussion

Figure 1 shows the microstructure of the solution–treated Al–Mo–rich Ni–based SC
superalloy. The microstructure consists of cubic γ′–precipitates embedded in the γ–matrix.
The fractions of two phases are obtained by statistically counting white (γ′–phase) in the
images. The volume fraction of γ′–precipitate of the solution–treated SC superalloy is
calculated as 72 ± 3%, the γ′–cube sizes as 405 ± 20 nm, and the γ–channel width as
60 ± 6 nm. No TCP phase is observed after solution treatment. Figure 1c shows the creep
time–strain curve under 1100 ◦C/140 MPa and the average rupture time is ~42 h and the
average strain is ~86%. Figure 2a,b exhibit the microstructure of Al–Mo–rich Ni–based SC
superalloy after 40 h thermal exposure. When observing from the (1 1 0) plane, a large
amount of stripe–like TCP phases is regularly arranged, which can be classified into two
types with different widths of 400 ± 25 nm and 125 ± 15 nm. Figure 2c shows the EDS
results of spot 1 to spot 4 in Figure 2b, and both the two types of TCP phases are enriched
in Re and Mo elements.

 

Figure 1. (a) Microstructure of the Al–Mo–rich Ni–based SC superalloy; (b) enlarged image of
(a) showing γ phase and γ’ phase; (c) creep time–strain curve under 1100 ◦C/140 MPa.
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Figure 2. (a) Microstructure of Al–Mo–rich Ni–based SC superalloy after hot exposure; (b) enlarged
image of (a); (c) EDS results of spot 1–spot 4 in (b).

TEM is employed to study the structure of the TCP phase. Figure 3a shows the SEM
image of Al–Mo–rich Ni–based SC superalloy after hot exposure. FIB is used to cut a TEM
sample from the red rectangle region in Figure 3a, and the TEM lamellar sample is shown
in Figure 3b with a TCP phase in the center. Figure 3c exhibits the SC superalloy’s bright
field TEM image, which contains an interface of matrix and TCP phase. Figure 3d shows
the diffraction patterns of the matrix and interface with the beam from [1 1 1] direction, and
the TCP is confirmed as the tetragonal σ phase. According to the diffraction patterns, it has
been determined that the crystallography relationship of (1 1 1)γ//(0 0 1)σ is maintained
between the γ and σ phases.

 

Figure 3. (a) SEM image showing the FIB position; (b) FIB sample with the σ phase; (c) TEM bright
field image showing matrix and σ phase; (d) diffraction patterns of matrix and interface with [1 1 1]
beam direction.
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In order to further characterize the crystal parameter of the σ phase, high–resolution
TEM is employed. Figure 4a shows the high–resolution TEM image of the σ phase, and
Figure 4b is the fast Fourier transform patterns of the red rectangle in Figure 4a, and the
red circles in Figure 4b are the masks. Figure 4c exhibits the inverse fast Fourier transform
image containing the crystal lattice. The crystal plane space in (0 0 1) plane of σ phase of
Al–Mo–rich Ni–based SC superalloy after 40 h thermal exposure is calculated to be 0.93 nm,
indicating that lattice parameter a of the σ phase is 0.93 nm.

Figure 4. (a) The high–resolution TEM image of σ phase in (0 0 1) plane while the γ phase is in (1 1 1)
plane; (b) fast Fourier transform patterns of the red rectangle in (a); (c) inverse fast Fourier transform
image showing that lattice parameter a is 0.93 nm.

In comparison, the TCP phase in Mo–rich Ni–based SC superalloy after 250 h thermal
exposure treatment is identified as P phase [23]. Thus it is speculated that the temporality
of the TCP phase evolution is from σ phase to P phase. Similarly, according to RC Reed’s
work [24], in traditional Ni–based SC superalloy, the flaky σ phase is first precipitated and
then transformed into the P phase. Increasing the molybdenum stabilizes P phase at the
expense of μ phase and σ phase. In our Al–Mo–rich Ni–based SC superalloy, the initially
precipitated σ phase is rich in refractory elements Mo and Re. As the precipitated phase
grows up, the surrounding γ’ phase restricts the diffusion of refractory elements to the
precipitated phase, which impedes the growth of the TCP phase. Meanwhile, the phase
transformation (σ phase to P phase) is promoted by self–diffusion of the refractory element
in the σ phase.

After creep tests, EBSD is used to study the orientation variation from <1 1 0> direction
of the SC superalloy sample. Figure 5a–c shows the inverse pole figure of (1 −1 0) plane
from X direction, Y direction and Z direction of the region which is 10 mm away from the
fracture surface, respectively. The inserts are the misorientation angle of the line in each
figure, and the maximum misorientation across the line (~400 μm) is ~8◦. While Figure 5d–f
shows the inverse pole figure of (1 −1 0) plane from X direction, Y direction and Z direction
of the region which is 1 mm away from the fracture surface, respectively, and the maximum
misorientation across the line (~400 μm) is ~13◦. This misorientation indicates the single
crystal is obviously twisted during creep, and the deformation mechanism and dislocation
behavior are revealed in the following discussion part.
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Figure 5. EBSD inverse pole figure of the region which is 10 mm away from the fracture surface (a) X
direction; (b) Y direction; (c) Z direction; EBSD inverse pole figure of the region which is 1 mm away
from the fracture surface (d) X direction; (e) Y direction; (f) Z direction.

Figure 6 exhibits the bright field TEM image of the region which is 10 mm away
from the fracture surface, and the insert is a diffraction pattern with the beam from the
[1 1 0] direction. Two groups of dislocations are observed in the deformed sample. One
group contains straight dislocation lines parallel to each other, which are shown in Area_1.
Another group contains dislocation networks in Area_2, which is near the σ phase. We
observed a series of images and did not find any twins, which indicates that the creep
mechanism of the SC superalloy is dislocation motion. According to our previous work
and other researchers’ work, the creep mechanism of Al–Mo–rich Ni–based SC superalloy
is mainly dislocation slip. Figure 7 shows the enlarged TEM image of Area_2 in Figure 6.
Figure 7a–c shows the bright field TEM images of the dislocation networks of the region
which is 10 mm away from the fracture surface with two beam conditions. According to
the extinction law in Figure 7d, the dislocations networks which are near the strip–like σ

phase exhibit a b = a/2<1 −1 0> or b = a/2<0 1 −1> Burgers vector. Figure 8 shows the
enlarged TEM image of area 1 in Figure 6. Figure 8a–c shows the bright field TEM images
of the straight dislocation lines. According to the extinction law in Figure 7d, the straight
dislocation lines exhibit a b = a/2<1 −1 0> or b = a/2< 1 0 1> Burgers vector. This suggests
that during creep, the dislocations piled up near the strip–like σ phase may lead to the
stress concentration, which will promote the initiation and propagation of microcracks and
accelerate the fracture of the SC superalloy [25,26].
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Figure 6. Bright field TEM image and diffraction pattern of the region with the beam from the [0 1 1]
direction, which is 10 mm away from the fracture surface.

 

Figure 7. (a) Enlarged TEM image of Area_2 in Figure 6, which is 10 mm away from the fracture
surface (a) diffraction pattern; bright field TEM image with (b) g = [0 2 −2]; (c) g = [1 1 −1];
(d) [−2 0 0].
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Figure 8. (a) Enlarged TEM image of Area_1 in Figure 6, which is 10 mm away from the fracture
surface (a) diffraction pattern; bright field TEM image with (b) g = [0 2 −2]; (c) g = [1 1 −1];
(d) [−2 0 0].

Figure 9 shows the interaction of the σ phase and dislocations in the deformed Al–
Mo–rich Ni–based SC superalloy. Figure 9a exhibits the bright field image of the deformed
sample 10 mm away from the fracture surface, and several bending dislocations are ob-
served near the σ phase, indicating the stress is easily concentrated in this region, which
will promote the initiation and propagation of the cracks to accelerate the fracture. The
crystal structure of σ phase is confirmed by the diffraction patterns in Figure 9b,c. Figure 9e
shows the diffraction pattern of the interface between σ phase and γ matrix in Figure 9d,
which indicates the orientation relationship of [1 1 0]γ//[1 1 0]σ. The lattice parameter c is
calculated to be 0.50 nm. According to RC Reed’s work [24], there is a consistent orientation
relationship between σ and the γ matrix, which is also confirmed by our results, and dislo-
cations in the interface which extend from the edges of the precipitates are indications of a
high degree of coherency in the interface between σ and the γ matrix. In order to observe
the dislocation movement, we tilt α in the range of −35◦ to 35◦ and record the σ phase every
2◦. Figure 9f,g are bright field images of the σ phase with ~6◦ α tilt variation, and through-
out emerging Figure 9f,g, a stereoscopic morphology is obtained in Figure 9h. Dislocations
can be observed in the region which is near the σ phase. The σ phase which is enriched
in Re and Mo experiences random nucleation and diffusion–controlled growth [20]. The
growth of σ phase greatly consumes the surrounding elements to form a depleted zone
that surrounds the σ phase. As the growth primarily consumes γ–rich elements, e.g.,
Mo and Re, the depleted zone is the intrinsic γ′ phase. Since the large depleted zone is
prone to stress concentration, dislocations that emit from the interface between TCP and
the depleted zone facilitate dislocation interaction and microcrack initiation in the large
depleted zone, promoting the propagation of the cracks and accelerating the fracture. In the
future, more quantitative research, e.g., dislocation–based phase field [27–29], should be
made to further understand the interaction between dislocation and phase microstructures
of Ni–based superalloys.
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Figure 9. TEM results of the region which is 10 mm away from the fracture surface; (a) bright field
image showing the interaction of σ phase and dislocations; (b) diffraction pattern of σ phase with the
beam from [1 1 0] direction; (c) diffraction pattern of σ phase with the beam from [1 1 1] direction;
(d,e) bright field image and diffraction pattern showing the interface between σ phase and γ matrix;
(f) bright field image with beam close to [1 1 0] direction; (g) bright field image with ~6◦ α tilt;
(h) merged image of (f,g).

4. Conclusions

In the current work, the structure of the TCP phase in the Al–Mo–rich Ni–based
model single crystal superalloy is systematically investigated, as well as analyzing the
possible evolution of the TCP phase. Meanwhile, the dislocation behavior of the Al–Mo–
rich Ni–based SC superalloy is studied to reveal the role the TCP phase played during
the creep.

In Al–Mo–rich Ni–based model SC superalloy, no TCP phase is observed after solution
treatment. After thermal exposure for 40 h, a large number of strip–like TCP phases
enriched in Mo and Re elements are formed. The structure of the TCP phase is identified as
the tetragonal σ phase with the lattice parameter a being 0.93 nm and c being 0.50 nm.
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During the creep process, the single crystal is tilted to result in obviously orienta-
tion variation from <1 −1 0> direction. Two groups of dislocations are observed in the
deformed sample. One group contains straight dislocation lines with Burgers vector of
b = a/2< 1 −1 0> or b = a/2<0 1 −1>. Another group contains dislocation networks with
Burgers vector of b = a/2<1 −1 0> or b = a/2< 1 0 1>. During creep, dislocations piled
up near the strip–like σ phase lead to the stress concentration, which may promote the
initiation and propagation of microcracks and accelerate the fracture of the SC superalloy.
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Abstract: The tensile properties of a Ni-Co-based superalloy were investigated from room temper-
ature to 900 ◦C. From 25 to 650 ◦C, the yield strength and tensile strength of the alloy decreased
slightly, while the elongation decreased sharply. From 760 ◦C to 900 ◦C, the yield strength and
tensile strength were greatly reduced, while the elongation also had a low value. With the increase
in temperature, the deformation mechanism transformed from anti-phase boundary shearing to
stacking fault shearing, and then from deformation twinning to Orowan bypassing, respectively.
Deformation twins were generated in the deformed alloy with high-density stacking faults and they
can contribute to the high strength. The alloy in this study has good mechanical properties and hot
working characteristics below 760 ◦C and can be used as a turbine disk, turbine blade, combustion
chamber, and other aircraft structural parts.

Keywords: nickel-based superalloy; deformation mechanism; microstructure; intermediate-
temperature brittleness

1. Introduction

Nickel-based superalloys are widely used in aircraft engines because of their excellent
strength and creep resistance at high temperatures [1,2]. The outstanding strength of
these alloys mainly stems from solid solution strengthening elements and high volume
fractions of γ′ precipitates [3,4]. The superalloy turbine discs are used at temperatures of
650~700 ◦C and sometimes reach 815 ◦C, according to the actual service conditions [5].
The temperature-bearing capacity and mechanical properties of turbine disks determine
the thermal efficiency and service life of the engine system. Conventional strengthening
mechanisms, such as solid-solution strengthening, work hardening, grain boundaries
strengthening, and precipitation hardening, have previously been used to improve the
properties of superalloys [6]. However, the above-mentioned defects are not thermally
stable at high temperatures. Lu et al. reported that nanoscale coherent twin boundaries
(TB) can effectively enhance nano and ultra-fine grained materials without adversely
affecting the ductility [7,8]. The addition of Co will reduce the stacking fault energy (SFE)
of superalloys [9]. The decrease of SFE can change the deformation mechanism of the
alloys, which may lead to twin boundary strengthening [6]. Therefore, it is necessary to
study the deformation mechanism and mechanical properties of Ni-Co-based superalloys
from room temperature to high temperatures.

The intermediate and high-temperature deformation mechanisms have been exten-
sively investigated in the past decades [10–17]. The research results of Yuan et al. [18] show
that the addition of the Co element reduces the stacking fault (SF) energy of the Ni-based
superalloy and influences its deformation mechanism. The dominant deformation mecha-
nism of superalloys is that a pair of dislocations shear γ′ precipitates at low temperatures,
while SF is formed by the movement of partial dislocations at intermediate temperatures.
Xu et al. [19] studied the variation trend of SF energy and SF density with temperatures,
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showing that the SF density increased with the increase in temperatures. Yuan et al. [20]
reported that the mechanisms of antiphase boundary (APB) cutting and SF cutting both
appeared in the alloy. With the increase in temperature, deformation twins are easier to
form than APB.

In this study, the temperature dependence of the tensile behavior of a Ni-Co-based
superalloy was investigated. On the basis of the microstructure analysis, the transformation
of the deformation mechanism (with temperature) and the intermediate temperature
brittleness were discussed.

2. Experimental Procedures

The studied Ni-Co-based superalloy has the following chemical compositions: 25.0 Co,
14.0 Cr, 2.8 Mo, 1.2 W, 8.0 (Al, Ti, Nb), 0.02 C, 0.02 B, 0.03 Zr, and balanced Ni (wt%). The
alloy was prepared by vacuum induction melting and forging. The samples were cut by
electric spark cutting and homogenized at 1100 ◦C to eliminate the segregation. Aging
treatments were carried out as follows: 650 ◦C/24 h/air cooling + 760 ◦C/16 h/air cooling.
The equipment used for the heat treatment was a KSL-1400X-A1 high-temperature box
furnace. Specimens with a gauge length of 25 mm and a diameter of 12 mm were machined
out for tensile tests. The tensile testing equipment was an electronic universal material
testing machine produced by INSTRON Company. The tensile tests were conducted with
a strain rate of 3 × 10−4 s−1 at various temperatures, i.e., 25 ◦C, 650 ◦C, 760 ◦C, 850 ◦C,
and 900 ◦C, respectively. A temperature fluctuation not exceeding ±2 ◦C was maintained
over the gauge length. At least three identical specimens were tested at each temperature.
After the tensile tests, the fracture surfaces of the specimens were investigated using a Zeiss
Gemini 500 field emission scanning electron microscope (FESEM) operated at 15 kV. Slices
were cut perpendicular to the tensile direction from the deformed samples and mechanically
thinned down to 50 μm, and then thinned by ion-beam milling. The microstructures of the
deformed samples were investigated using a Talos F200X transmission electron microscope
(TEM) operated at 200 kV. It was also equipped with an X-ray energy dispersion analyzer
for chemical composition analysis.

3. Results and Discussion

3.1. Mechanical Properties Analysis

The tensile properties of the superalloys at different temperatures are shown in
Figure 1. The yield strength (YS) and ultimate tensile strength (UTS) of the superalloy had
similar variation trends with the temperature. The YS and UTS decreased slightly when
the temperature rose to 650 ◦C and then decreased rapidly above this temperature. The
elongation decreased rapidly with temperature, from room temperature to 650 ◦C, and
then maintained a low value above 650 ◦C, demonstrating an intermediate temperature
brittleness (ITB) behavior.

The γ′ precipitation has a unique feature in that its strength increases with the increase
in temperature [21–23]. The superalloy studied in this work contained a high-volume
fraction of γ′ precipitates. The decrease in strength of the γ matrix was compensated by
the increased strength of γ′ precipitates with the increase in temperature [24], due to the
thermally-activated cross-slip of dislocations from {111} planes to {110} planes [21,25].
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Figure 1. Tensile properties of the superalloy at different temperatures.

The YS of the alloy depended greatly on the testing temperature. According to
References [25,26], the yielding behavior at a high temperature is a thermally activated
process. Therefore, the Arrhenius type of relationship may be suitable for characterizing
the plastic flow behavior of this alloy, i.e.,

σy/E = A{exp[Q/(RT)]} (1)

where σy is the yield strength, E is the elastic modulus, Q is the activation energy of the
deformation process, R is the gas constant (8.314 J mol−1 K−1), T is the temperature, and A
is the material constant. Equation (1) was applied to several theoretical and experimental
studies of superalloys [27,28]. A plot of the ratio of normalized values of YS by the elastic
modulus vs. the reciprocal of temperature is shown in Figure 2. It is obvious that there are
three different stages as functions of temperatures. At high temperatures (above 760 ◦C),
the curve had a positive slope, at intermediate temperatures, the curve exhibited a negative
slope, and at low temperatures (below 650 ◦C), the curve dropped slowly. This indicates
that the rate-controlling processes for the deformation mechanisms had great changes.
The main strengthening mechanism of the alloy was the γ′ precipitation, which could
effectively block dislocation movement. So, at low and intermediate temperatures, the
high applied stress could force dislocations to cut into γ′ precipitates. With the increase in
temperature, the applied stress value is less than the critical stress required for dislocation
cutting γ′ precipitates, and then the enhanced thermal activation causes the dislocation
climbing mechanism [29].

Figure 2. A plot of the ratio of the normalized value of YS by σy/E vs. the reciprocal of temperature.
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3.2. Mechanical Property Analysis
3.2.1. Initial Microstructure

A typical microstructure of the alloy after the heat treatment is shown in Figure 3.
One can see that the γ′ precipitates are uniformly distributed in the alloy. According to the
forming sequence, the γ′ precipitates in the alloy can be divided into primary, secondary,
and tertiary γ′ precipitates. As shown in Figure 3a,c,e, the primary γ′ precipitates tend
to appear at grain boundaries with larger sizes, while the secondary γ′ precipitates are
located within moderately sized grains. In addition, a large number of nanoscale tertiary γ′
precipitations can be seen inside the grains. The γ′ precipitates are L12 structures confirmed
by the SAED patterns (Figure 3b,d,f) and are coherent with the γ matrix.

Figure 3. TEM micrographs of the heat-treated superalloy: (a,c,e) are the primary, secondary, and
tertiary γ′ precipitates, respectively; (b,d,f) are their corresponding SAED patterns, respectively.

By calibrating the super diffraction spots and the matrix diffraction spots, the orienta-
tion relationships between the precipitates and the matrix can be obtained as follows (m
represents matrix, p represents γ′ precipitates):

[110]m//[110]p (002)m//(002)p (111)m//(112)p

The element content in the alloy was analyzed by TEM equipped with an X-ray energy
dispersive analyzer; the results are shown in Table 1. The contents of C, B, and other light
elements are difficult to be measured by the energy spectrometer, so only some elements
are listed in Table 1. It can be seen that Co, Cr, Mo, and W are enriched in the γ matrix and
play the role of solid solution strengthening, while Ti, Al, and Ni are enriched in the γ′
precipitates. These three elements mainly form (Ni,Co)3(Al,Ti) during the heat treatment
process, and the γ′ precipitates can play a role in precipitation strengthening.

63



Crystals 2022, 12, 1409

Table 1. Alloy element distribution (wt %).

Ni Co Cr Ti Al Mo W

Primary γ′ 66.1 17.2 3.0 8.7 3.6 0.7 0.7
Secondary γ′ 63.0 18.7 7.0 6.4 2.4 1.5 1.0

γ matrix 50.8 24.8 13.6 4.8 1.9 2.8 1.3
Cprimary γ′/Cγ 1.301 0.694 0.221 1.813 1.895 0.250 0.538

Csecondary γ′/Cγ 1.240 0.754 0.515 1.333 1.263 0.536 0.769

3.2.2. Microstructure Analysis of the Deformed Samples

Figure 4 shows the deformed microstructure of the room temperature-tested sam-
ple observed by TEM. Apparently, there are some dislocations in both the γ matrix and
the γ′ precipitation at room temperature. Most of the dislocations move alone, some
in pairs. Due to the smaller size of the tertiary γ′ precipitate, its density is higher [14].
When a partial dislocation is cut into the γ′ precipitation, high-energy APBs are generated
due to the a/2<110> displacement of the superlattice. So dislocations occur through the
γ′ precipitation in closely spaced pairs to minimize the APB [14].

Figure 4. Deformed microstructure of the room temperature-tested sample: (a,b) high-density
dislocations in γ matrix and γ′ precipitates, (c) SAED pattern, (d) APB in the secondary γ′ precipitates.

The TEM observations of this alloy tested at different temperatures are shown in
Figures 5–7. Figure 5 presents the deformed microstructures after a tensile test at 650 ◦C.
When the testing temperature is 650 ◦C, the dislocation density becomes high and a number
of SFs are produced both inside the γ′ precipitates and the γ matrix. Moreover, the
formation of dislocation entanglement in the γ matrix indicates that the deformation occurs
mainly in the γ matrix. The SFs were observed in two different directions, which formed
structures similar to Lomer–Cottrell locks. As indicated by the arrows in Figure 5b, these
SFs on different planes intersect and interact with each other. The observed SFs have
been investigated in some alloys [29]. Chu et al. [30] believed that the SFE of DZ951 alloy
decreased with temperature from 20 ◦C to 760 ◦C. The transition temperature from APB
shearing to the SF shearing mechanism decreases due to the combination of higher APB
energy and lower SFE [20]. Therefore, SFs will appear as the temperature increases.
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Figure 5. Deformation microstructures after the tensile test at 650 ◦C: (a) the SFs in the γ ma-
trix; (b) the SF in the γ′ precipitates; (c) a SAED pattern corresponding to (a); (d) HRTEM image
showing SFs.

When the test temperature is 760 ◦C, it can be seen that the dislocation density in the
γ matrix further increases, and they become entangled with each other. In addition, when
the test temperature is increased, a large number of deformation twins are generated in the
alloy. A study of FCC crystals showed that SFs and deformation twins were sequentially
generated in the alloy with increasing plastic strains and deformation temperatures [31].
Figure 6d shows a high-resolution transmission electron microscope (HRTEM) image of the
superalloy. The twin boundaries are indicated by green lines. The thickness of the twinned
lamella is 16 layers of atoms.

When the test temperature was 850 ◦C, it can be seen that more dislocations were
formed in the γ matrix and tangled with each other (Figure 7a,b), but it is difficult to find
any deformation twins, and the stacking faults parallel to each other are clearly visible
after the tensile test at 850 ◦C. When the tensile temperature was increased from 760 ◦C
to 850 ◦C, there were many dislocation loops, as seen in Figure 7b. Figure 7c,d show that
the deformation mechanism mainly involves the dislocation bypassing the γ′ precipitation
through the Orowan process, and the dislocations pile up around the γ′ precipitation at
high temperatures. A large number of dislocations surrounded the γ′ precipitates, while
only a few dislocations were located in the γ′ precipitates. In contrast to the deformation at
room temperature, the deformation was dominated by Orowan bypassing at 900 ◦C. When
the test temperature increased, the applied stress was less than the critical stress required
for dislocation cutting the γ′ precipitate, then the enhanced thermal activation caused
the dislocation climbing mechanism. It can be seen that as the temperature increases, the
deformation activation energy decreases [29].
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Figure 6. Deformed microstructures after tensile testing at 760 ◦C: (a) bright field image with a lower
magnification; (b) bright field image with a higher magnification; (c) a SAED pattern; (d) dark field
image corresponding to (c); (e) HRTEM image showing a twin lamella; (f) inverse Fourier transform
image corresponding to (e).

Figure 7. Deformed microstructures after tensile testing at 850 ◦C and 900 ◦C: (a,b), 850 ◦C;
(c,d), 900 ◦C.

3.2.3. Fracture Surface Analysis

The morphologies of the fracture surfaces of the tensile specimens tested at different
temperatures are shown in Figure 8. Clearly, the deformation is homogeneous, and the
fracture has a large number of dimples. It can be seen that the tear-off dimples are elongated,
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so the plasticity is good, as shown in Figure 8a,b. This is consistent with the results obtained
for higher elongation after room temperature tensile testing. When the testing temperature
increased to 650 ◦C, the fracture morphology changed, as shown in Figure 8c,d. Clearly, the
main features of the specimen tested at 650 ◦C were the decohesion combined with some
dimples, as shown in Figure 8c. Although there were some dimples, the tear-off dimples
were not elongated, so the deformation was limited. Further observations showed that
there were many secondary cracks and debonding phenomena along the γ′ precipitate/γ
matrix interfaces on the fracture surface. Secondary cracks readily propagated along rigid
precipitates and the matrix, which is detrimental to ductility [32–35]. Therefore, it is easy to
understand why the elongation of the alloy is lower at 650 ◦C. The fracture of the alloy tested
at 760 ◦C is shown in Figure 8e,f. It can be seen that the sample exhibited a heavier brittle
feature, with cleavage fracture being the main feature, as shown in Figure 8e. The secondary
cracks propagated along the grain boundary. Moreover, small dimples and precipitates
were distributed on the cleavage facets. The deformation was not homogeneous, so the
elongation was low. The morphologies of the fracture surfaces of the tensile specimens
tested at 850 ◦C and 900 ◦C are shown in Figure 8g,h, respectively. The fracture pattern was
mainly in the intergranular mode. Decohesion along the γ′ precipitates/γ matrix interfaces
existed on the fracture surface.

Figure 8. SEM images showing the fracture surface morphologies after tensile tests at different
temperatures: (a,b) RT; (c,d) 650 ◦C; (e,f) 760 ◦C; (g) 850 ◦C; (h) 900 ◦C. The yellow and red arrows,
respectively, indicate the secondary cracks and the precipitates. The white square indicates dimples.

4. Discussion about the Mechanism of Intermediate-Temperature Brittleness

Although the elongation is high at room temperature, the elongation is greatly de-
creased when the test temperature is higher than 650 ◦C. The intermediate temperature
brittleness was observed in several superalloys with high volume fractions of γ′ precipi-
tates. There are a number of reasons for this behavior, and the most important factors for
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superalloys are [36]: (1) carbide particles are rich in trace elements or oxygen, resulting in
the embrittlement of grain boundaries; (2) changes in the deformation mechanisms lead
to strain localization; (3) the instability of γ′ precipitates that are exposed to high temper-
atures. Clearly, no carbide particles are found in the present superalloy, so intermediate-
temperature brittleness is not caused by carbide particles. Chu et al. [30] showed that
deformation was mainly dominated by pairs of a/2<110> dislocation shearing γ′ precipi-
tation at low temperatures, and it was mainly dominated by Orowan bypassing at high
temperatures. They found the intermediate temperature brittleness at 760 ◦C was due to
strain localization mainly caused by SFs. Kim et al. [13] suggested that the generation of
deformation twins has an important effect on the intermediate temperature brittleness. At
the same time, they showed that deformation twins are easy to form in superalloys with
low SFE.

In general, when a new deformation mechanism appears, the ductility decreases
simultaneously [37]. The study of the deformed microstructure provides information for
analyzing possible fracture mechanisms. The dominant deformation mechanisms is that the
γ′ precipitates is cut by dislocations at low temperatures (below 650 ◦C). Orowan bypass is
the main deformation mechanism at high temperatures (above 900 ◦C). At 760 ◦C, a high
density of dislocations was formed in the γ matrix and many of them were tangled. The
operation of a multi-slip system will generate the delivery and reaction of dislocations,
thereby creating more barriers for cross-slips. Most importantly, there are a large number of
SFs and deformation twins, which can also create barriers for cross-slips. The deformation
is very inhomogeneous, and the local strain reaches the maximum simultaneously, resulting
in intermediate temperature brittleness at 760 ◦C. Similarly, there are a number of SFs both
at 650 ◦C and 850 ◦C. So the intermediate temperature brittleness is mainly caused by the
strain localization caused by SFs or deformation twinning.

5. Conclusions

Through the above comprehensive analysis of the microstructural changes of the
Ni-Co-based superalloy (after tensile testing at different temperatures), the following
conclusions can be drawn:

(1) From room temperature to 650 ◦C, the YS and TS of the alloy decrease slightly, while
the elongation decreases sharply. From 760 ◦C to 900 ◦C, YS and TS are greatly
reduced; the elongation also has a low value. There is an intermediate temperature
brittleness.

(2) After heat treatment, the alloy has three different γ′ precipitate sizes, which play
important roles in precipitation strengthening. With the increase in temperature,
the deformation mechanism changes from anti-phase boundary shearing to stacking
fault shearing, and then deformation twins are generated in the deformed alloy
with high-density stacking faults. The alloy has good mechanical properties and hot
working characteristics below 760 ◦C and can be used as a turbine disk, turbine blade,
combustion chamber, and other aircraft structural parts.

(3) From the analysis of the results, the mechanical properties of the alloy decrease
sharply from 850 ◦C to 900 ◦C, and the deformation mechanism also changes to
Orowan bypass.
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Abstract: Slowing down the coarsening of the γ′ phase and suppressing the precipitation of the
topologically close-packed (TCP) phase is crucial for optimizing the creep properties of Ni-based
single crystal superalloys, which are affected by the solution treatment history. In the present study,
the effect of cooling rate on the morphology, size and lattice misfit of γ′ reprecipitates after solution
treatment, as well as the microstructural evolution (e.g., the coarsening of γ′ reprecipitate and
precipitation of the TCP phase) and creep properties of samples under different cooling rates at
1100 ◦C were investigated. The findings suggested that as the cooling rate increasing, the size of γ′

reprecipitates decreased, while the morphology transformed from polygonal to cubic. Additionally,
faster cooling rate, on the one hand, the lower the degree of lattice misfit of γ/γ′ phases, which
is beneficial to slow down the coarsening of the γ′ phase; on the other hand, the supersaturation
of the γ-phase was reduced, i.e., the Mo and Re contents in the γ matrix were lower compared to
the slow-cooling sample, which led to a lower TCP phase area fraction during thermal exposure at
1100 ◦C. It is crucial that the creep life of the alloy significantly improved by increasing the cooling
rate after solution treatment; this is facilitated by the formation of rafts from finer cubic γ′ phase
and reduction in the TCP phase as a source of microcracks. In conclusion, the findings of this study
provide new insights into suppressing the precipitation of the TCP phase and optimizing alloy heat
treatment processes to improve creep properties.

Keywords: Ni-based superalloy; single-crystal casting; γ′ reprecipitates; solution treatment; cooling
rate; TCP; creep

1. Introduction

Ni-based single crystal (SX) superalloys are extensively used for modern areo-engines
due to their excellent microstructural stability, mechanical properties and environmental
tolerance at elevated temperatures [1,2]. Generally, the excellent mechanical properties
of Ni-based SX superalloys at elevated temperature derives from their unique two-phase
equilibrium microstructure, consisting of ordered Ni3Al (γ′ phase)-strengthening precip-
itates with an L12 structure, which are coherently embedded in the face-centered cubic
(FCC) matrix γ-phase [3,4]. In addition, high temperature creep strength is a key param-
eter with which to evaluate the high mechanical properties of Ni-based SX superalloys,
which depends on the interaction of dislocations with the γ′ precipitates and interface
of γ/γ′ phases [5–8]. However, the γ–γ′ microstructure undergoes degradation during
the prolonged high-temperature exposure, including coarsening of γ′ precipitates and
precipitation of the topologically close-packed (TCP) phase [9–11], which makes the su-
peralloy enter the rapid deformation stage and fracture. Although a proper initial γ–γ′
microstructure is obtained, it is necessary to consider slowing down the coarsening of γ′
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precipitates and inhibiting the precipitation of TCP phase, which are very important for
improving the high-temperature creep properties of the alloy.

The coarsening of γ′ precipitates is driven by the reduction in the interfacial energy
and coherent strain energy of the γ/γ′ phases [12], where the former is related to its size
and the latter is related to the distribution of alloying elements in the γ/γ′ phases. In
addition, whether the TCP phase can be precipitated depends on the enrichment degree
of Re, Mo, Cr and other elements in the γ matrix of the superalloy [13,14]. Therefore,
reducing the degree of segregation of alloying elements in dendrites structure or γ/γ′
phases is beneficial for slowing down the coarsening of γ′ precipitates and inhibiting the
precipitation of the TCP phase.

Generally, a proper heat treatment is required before service for Ni-based SX super-
alloys to eliminate the γ–γ′ eutectic, reduce the microsegregation of elements such as Re,
Mo, Cr [15] and optimize the size and morphology of the γ′ reprecipitations (secondary
γ′ phase) [16], thereby obtaining excellent properties for the alloy [17–19]. Among them,
an appropriate solution treatment (ST) process (including austenitizing temperature, hold-
ing time and cooling rate, etc.) is the basis for subsequent microstructural evolution and
regulation. Elimination of residual microsegregation is usually performed by increasing
the austenitizing temperature or prolonging the holding time, but this will lead to the
formation of more and larger homogenized pores [20,21], so that the purpose of improving
the high-temperature creep performance cannot be achieved; furthermore, Hegde [22] and
Karunaratne et al. [23] suggested that the microsegregation does not change monotonically
with the increase in the solution temperature and the prolongation of the solution time,
and the microsegregation of Re, Cr and Mo elements increased due to the uphill diffusion
of the γ–γ′ eutectic in the inter-dendrites. However, it has been reported that by increasing
the cooling rate after solution treatment from supersolvus temperature, on the one hand,
the size of the γ′ reprecipitates becomes smaller [24] (the interface energy of γ–γ′ phases
is larger), but its morphology changes from cubic to irregular shape. Similar results were
reported by Bhowal [7] and Yu [25]; on the one hand, they report how the secondary γ′
precipitates with non-equilibrium compositions formed at high cooling rate due to the
limited time available for diffusion and reduction in mobility of elements [26,27]. Indeed,
this is beneficial to reduce the degree of elemental segregation between γ- and γ′ phases, as
confirmed by the work of Conner [28] and Mitchell [29]. Nonetheless, the high-temperature
coarsening behavior of γ′ reprecipitates with non-equilibrium components is still unclear at
present. Secondly, the effects of γ–γ′ microstructure evolution and the precipitation behav-
ior of the TCP phase at higher cooling rates after solution treatment on high-temperature
creep properties are currently lacking systematic studies.

The purpose of this paper is to investigate the effect of cooling rates (water quenching
and air cooling) after solution treatment from supersolvus temperature on the coarsening
of γ′ reprecipitates, the precipitation behavior of the TCP phase and high-temperature
creep properties (1100 ◦C/137 MPa). The variation in size and morphology of the γ–γ′
phase microstructure and microsegregation behavior under different cooling rates were
analyzed in detail, and the relationship between the microstructure evolution and the
creep behavior was discussed. The findings of this study provide new insights into sup-
pressing precipitation of TCP and optimizing alloy heat treatment processes to improve
creep properties.

2. Materials and Methods

2.1. Materials and Heat Treatment

A low-density experimental nickel-based single crystal superalloy designed with
high γ′ volume fraction and Mo content was adopted in this work. It had relatively
good high-temperature mechanical properties, although there is a certain tendency of TCP
precipitation. The chemical composition (weight percent) of the experimental superalloy
(Exp. Alloy) is listed in Table 1, and was determined and verified by inductively coupled
plasma–mass spectrometry (ICP-MS).
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Table 1. Chemical composition of the experimental superalloy, wt.%.

Element Al Mo Re Ta Hf Y Ni

nominal 7.0~8.5 7.0~11.0 3.0 1.0~4.5 0.1 0.05 Bal.
measured 6.9~8.3 7.2~11.3 2.85 1.2~4.6 0.08 0.045 Bal.

The single-crystal cylindrical rods (about ϕ16 × 150 mm) were prepared by a high-
rate solidification (HRS) Bridgman apparatus using the screw-selecting method with the
withdraw rate of 75 μm/s, the temperature gradient was approximately 4 K/mm, and
the rods were chosen according to the orientations only within 5◦ deviating from the
[001] orientation determined with the Laue X-ray back reflection method. In addition,
the dendrite structure had the same orientation, and the grain boundaries were not ob-
served after macro-etching, which means that the cylindrical rods had a single crystal
structure. In order to eliminate the primary phases and reduction in the segregation
to produce a homogeneous microstructure, a solution heat treatment was applied to
dissolve the precipitated phases for subsequent reprecipitates in an optimized morphol-
ogy and size. A heat treatment (HT) regime included a multi-stage solution treatment
(1310 ◦C/2 h + 1320 ◦C/4 h + 1330 ◦C/4 h + 1340 ◦C/6 h + 1350 ◦C/6 h) and two-step
aging treatment (1040 ◦C/2 h + 870 ◦C/32 h) was carried out in a tubular resistance furnace.
Different cooling rates after ST were obtained by two cooling methods. One is to put the
sample directly into water (20 ◦C) after removing it from the furnace (labeled as WQ), which
has a cooling rate of about 1000–1200 K/min; the other (labeled as AC) is to cool the sample
in flowing air at a cooling rate of 150~300 K/min. The detailed heat treatment process is
listed in Table 2. To observe the microstructure evolution during high-temperature thermal
exposure, the samples were subjected to an isothermal exposure of 1100 ◦C and rapidly
water quenched to maintain the situation at high temperatures.

Table 2. Heat treatment schedule of experimental alloy under different cooling rates.

Sample Heat Treatment Schedule Cooling Rate after ST (K/min)

AC 1310 ◦C/2 h + 1320 ◦C/4 h + 1330 ◦C/4 h + 1340 ◦C/6 h + 1350 ◦C/6 h, air cooling 150~300
WQ 1310 ◦C/2 h + 1320 ◦C/4 h + 1330 ◦C/4 h + 1340 ◦C/6 h + 1350 ◦C/6 h, water cooling 1000~1200

HT 1310 ◦C/2 h + 1320 ◦C/4 h + 1330 ◦C/4 h + 1340 ◦C/6 h + 1350 ◦C/6 h, air cooling,
1040 ◦C/2 h, air cooling, 870 ◦C/32 h, air cooling 150~300

Note: AC represents air cooling after solution treatment, WQ represents water cooling after solution treatment,
HT represents solution treatment + aging treatment.

2.2. Creep Test

Creep tests were performed at 1100 ◦C/137 MPa on rods with orientation within 5◦
deviating from [001] and with the gauge length of 25 mm and diameter of 5 mm. The tests
were interrupted after creep deformation for 10 h and cooled down to room temperature
before removing the load to study the dislocation structure formed during creep. The
strain was measured by a displacement sensor with the accuracy of 1 × 10−3 mm. At least
3 specimens were tested at each condition.

2.3. Microstructural Characterization

The microstructures of the specimens were characterized by a scanning electron
microscopy (SEM, ZEISS EVO10, Oberkochen, Germany). Measurements of the γ′ phase
area fraction were performed by image analysis on black and white images of samples
that were quenched after heat treatment and creep. A JEM-2100 transmission electron
microscope (TEM) with an auxiliary energy-dispersive spectroscopy (EDS) detector was
used to observe the γ–γ′ phase morphology and elemental distribution of the heat-treated
samples and measure the dislocation structure after creep. The TEM samples were cut from
cross-sections parallel to (001) of the experimental alloys and electrochemically thinned in
a solution of 15 mL perchloric acid and 85 mL alcohol at −20 ◦C.
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2.4. Lattice Misfit Determination

The lattice parameters of two phases at room temperature after different heat treatment
are measured by using Rigaku SmartLab X-ray diffractometer (CuKα: 40 kV, 200 mA) with
a scanning speed of 0.5◦/min. The (200) peak of the nickel-based superalloy, which is a
combination of the overlapping (200) peak of the γ matrix and the corresponding peak
of the γ′ phase, was measured. Bragg’s law states that when an X-ray beam impinges
on a crystal lattice, the maximum intensity of the diffracted beam occurs when the angle
between the incident and the diffracted beam 2θhkl the wavelength of the radiation, λ, and
the distance between lattice planes, dhkl are related by Equation (1):

λ = 2dhkl sinθhkl (1)

where, hkl denotes the Miller indices for the specific family of lattice planes, and in this
study hkl = 200. Moreover, the lattice misfit δ was determined from the lattice parameters
of the γ- and γ′ phases (aγ and aγ′ ) according to Equation (2):

δ = 2(aγ′ − aγ)/(aγ′ + aγ). (2)

The measured X-ray profiles of the (200) reflections were then split up into three
Gaussian peak profiles using Origin 9.0 Software.

3. Results

3.1. Microstructure of the As-Cast and Heat-Treatmented Alloy

The as-cast microstructure is shown in Figure 1. It has a distinct “cross-flowered”
dendritic structure arranged in the same direction, and no obvious grain boundaries are
observed after macro-etching using optical microscope (OM), as shown in Figure 1a, which
means that it was a single crystal structure. The interdendritic region was further examined
with SEM, where the large bulky γ′ phase (primary γ′) and (Mo, Re)-rich phase were
observed, as shown in Figure 1b, c. However, after ST treatment, the SEM backscattered
electrons (BSE) morphology of alloy and elemental distribution map are shown in Figure 2.
The bulky γ′ phase and (Mo, Re)-rich phase at interdendrites are completely dissolved,
and the elements are basically uniformly distributed, except for the slight segregation of Re
in the cores of the dendrites. Thus, it is believed that the adopted solid solution regimen is
capable of achieving the goal of solid solution completely.

 
Figure 1. The microstructure of as-cast experimental alloy: (a) OM image of dendritic structure;
(b) SEM of dendritic structure; (c) interdendritic region of (b).

The SEM secondary electrons (SE) morphology of γ′ reprecipitation after solution
treatment under different cooling rates is displayed in Figure 3. The reprecipitated γ′ phase
was uniformly distributed overall and embedded in the γ matrix channel. Nevertheless, the
microstructure and size of the γ′ phase was significantly affected by the cooling conditions.
With the decrease in cooling rate, the size of γ′ phase was bigger. After being cooled down
by WQ and AC, the size of secondary γ′ precipitate was measured to have the statistical
mean diameters of 0.359 and 0.491 μm, respectively, as shown in Figure 4a,b. Meanwhile,
the γ-channel was transformed from a serrated to a straight one with the increasing the
cooling rate. This came from the result of the growth of the γ′ phase and the increased
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coherent strain energy. It is not unnoticeable that the lower the cooling rate is, the relatively
larger the area fraction of γ′ phase, which increased from 75.6% for the WQ sample to
79.7% for the AC sample. The detailed statistics analyses are presented in Table 3. It can
be assumed that the lower cooling rate provided for the precipitation and growth of the
γ′ phase. The cooling process after solution treatment was equivalent to undergoing a
transient aging treatment, and this is more clearly confirmed by comparing the results of
the HT samples, as seen in Figure 3c. After two-step aging treatment, the size of the γ′
phase grew to 0.621 μm and its area fraction reached 82.3%, as listed in Table 3. However,
the number density of the γ′ phase for the HT sample was about 6.4/μm2, which was
much lower than that of 12.7/μm2 under the WQ cooling condition. Under slow-cooling
conditions, the number density of γ′ phase is lower. This leads to a decrease in the total
coherent strain energy and results in a coarsening of the γ′ phase [7]. Indeed, the secondary
γ′ precipitates are transformed from sphere to cube with the slow-cooling rate [25].

Figure 2. (a) The SEM-BSE morphology of alloy after ST treatment and elemental distribution map:
(b) Al, (c) Ta, (d) Mo and (e) Re.

The microstructure of γ′ phases under different cooling conditions are shown in
Figure 5. It is found that the finer γ′ phases are distributed orderly under WQ cooling
condition, and the four sides are concave, as marked with a green dashed line in Figure 5a.
This is due to the fact that the γ′ phase particles have the smallest elastic modulus along the
[001] orientation; it will preferentially grow along the direction of body diagonals under
the interaction of coherent strain. Meanwhile, the growth of cube corners will be enhanced
due to the larger potential rate of supply of solute to these regions [30]. These γ′ phases
are unstable, and as adjacent γ′ precipitates grow and collide with each other, the concave
edges tend to be straightened due to the coherent strain energy [31]. In contrast, when the
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cooling condition is AC, a large number of polygonal shape γ′ phase exist. Some vanishing
γ-channels were located in the γ′ phase, which indicates that the growth of γ′ precipitates
itself by merging adjacent to each other. In addition, the tertiary γ′ phases appeared in
the γ-channel of the AC sample with a size of about 30~55 nm. After examining the
composition of the tertiary γ′ phase, it is found that its Al, Ta content was lower compared
with the secondary γ′ phase, but its Mo and Re contents were higher. It typically results
that multiple nucleation events occurred at different undercooling degrees below the
γ′ solvus due to a complex interaction between the increasing thermodynamic driving
force of nucleation. This results from the temperature drop (increased undercooling) and
the decreasing diffusivity of alloying elements and previous nucleation events resulting
in a decrease in this driving force; this is similar to the results reported by Singh [27].
Surprisingly, for the HT sample, aside from the further coarsening of the γ′ precipitates,
a dislocation network was found to be formed at the γ–γ′ interface. This is most likely
due to a high amount of Mo and Re addition, causing a large lattice misfit. Even the
spontaneous formation of dislocation networks to relaxing the interfacial misfit stress
without an external stress.

 
Figure 3. The SEM-SE morphology of secondary γ′ phases after heat treatment under different
cooling rates: (a,b) WQ, (d,e) AC and (c,f) HT.

 
Figure 4. The size distribution of secondary γ′ precipitates after heat treatment under different
cooling rates: (a) WQ, (b) AC and (c) HT.
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Table 3. Size and area fraction of γ′ phase after heat treatment under different cooling rates.

Sample Size of γ′ Phase (μm) Area Fraction of γ′ Phase (%) Number Density of γ′ Phase (μm−2)

HT 0.621 82.3 ± 2.4 4.53
AC 0.425 79.2 ± 2.8 6.40
WQ 0.291 76.6 ± 3.2 12.78

 

Figure 5. The TEM microstructure of γ′ phases after different heat treatment schedule: (a) WQ;
(b) AC and (c) HT.

3.2. Element Partitioning and Lattice Misfit of γ–γ′ Phase

The compositions of γ- and γ′ phases under different cooling conditions and full
heat treatment was measured by TEM equipped with EDX spectra. The results are listed
in Table 4. It is evident that the reprecipitated γ′ precipitates with a lower Al and Ta
contents while the γ-phase matrix with a lower Mo and Re contents in WQ condition
compared to the AC condition. This was probably due to the fact of the formation of γ′
precipitates at higher temperatures during the slow-cooling condition, where the faster
diffusion rates and longer diffusion time allowed these precipitates to achieve a near-
equilibrium composition [32]. This result was enhanced after the two-step aging treatment
in HT sample. For the quantitative assessment of the elemental distribution behavior, the
elemental partitioning coefficient ki is introduced:

ki = Cγ
′

i / Cγi (3)

where Cγ
′

i and Cγi are the atomic fractions of an element i in the γ′ and γ-phases, respec-
tively. From the calculation results of ki in Table 4, the elements of Mo and Re partition
preferentially to the γ matrix with ki < 1, while the elements Al and Ta partition pref-
erentially to the γ′ precipitates with ki > 1. It is clear that with the decrease in cooling
rate, the partitioning of Mo and Re to the γ matrix and Al amd Ta to the γ′ precipitates
is simultaneously enhanced. Therefore, those elements are soluble in γ matrix, Mo and
Re should diffuse away, while elements Al and Ta should diffuse into the γ′ precipitate to
accomplish the γ′ coarsening.

Figure 6 shows the fitted X-ray profiles of the (002)γ, γ′ planes of alloy after ST under
different cooling rate and HT at room temperature. It is clear that the peaks from γ- and
γ′ phases of the AC sample are more spaced apart, and the diffraction angles shifted to
lower values compared to the WQ sample, as seen in Figure 6a, b, which indicated that it
has a larger absolute value of lattice misfit. However, the mismatch of the sample becomes
smaller after aging, which is different from the Vegard Law calculation [33], as seen in
Figure 6d, probably due to the coarsening of the γ′ phase and the release of the mismatch
stress by the formation of the dislocation network.
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Table 4. The compositions of γ- and γ′ phase under different cooling conditions and fully heat
treatment (at.%).

Condition Al Mo Re Ta Ni

WQ
γ 7.82 11.53 2.36 1.31 76.98
γ′ 11.96 4.28 0.56 2.25 80.95
k = Cγ′/Cγ 1.53 0.37 0.24 1.71 1.05

AC
γ 4.26 13.46 3.26 1.19 77.82
γ′ 12.59 4.05 0.50 2.37 80.49
k = Cγ′/Cγ 2.96 0.30 0.15 1.98 1.03

HT
γ 3.65 13.17 4.65 1.17 77.48
γ′ 13.70 4.35 0.53 2.32 79.10
k = Cγ′/Cγ 3.75 0.33 0.11 1.99 1.02

 
Figure 6. Diffractometer scans of (002) γ, γ′ peaks of experimental alloy after different heat treatment
at room temperature: (a) WQ, (b) AC, (c) HT and (d) the lattice misfit measured by XRD and
calculated by Vegard Law (the phase compositions in Table 4 were used).

3.3. Microstructure Evolution during Thermal Exposure at 1100 ◦C

Figure 7 illustrates the microstructure of γ′ and γ-phases in the alloy after different heat
treatment during thermal exposure at 1100 ◦C for 1 h, 10 h and 50 h. With the prolonged
thermal exposure time, the γ′ phase underwent undirected coarsening and the morphology
transforms from cubic to irregular. It can be seen that the γ′ precipitates are uniformly
distributed, and their morphology remains mostly cubic after 1 h of thermal exposure in
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the WQ and AC samples. However, at the same time, the γ′ phase in the HT samples
clearly underwent an undirected coarsening, forming irregular shapes by merging with
each other. When thermally exposed for over 10 h, the γ′ of the WQ and AC samples also
gradually coarsened and lost its cubic shape. However, for the HT samples, it precipitated
the TCP phase which surrounded by the γ′ envelope. Subsequently, the γ′ precipitates
continued to coarsen and topological inversion was observed after 50 h of thermal exposure
for all samples.

Figure 7. The SEM-SE microstructure evolution of γ′ phase after different heat treatment during
thermal exposure at 1100 ◦C: (a–c) WQ samples; (d–f) AC samples and (g–i) HT samples.

The size of γ′ precipitates as a function of time is plotted in Figure 8a. It should
be noted that the size of γ′ precipitates is not measurable after 50 h of thermal exposure
due to the “labyrinth-like” shape. It can be seen that the size of the γ′ phase increased
rapidly at first and then slowed down with the prolongation of the thermal exposure time.
This was probably because the interfacial area and lattice mismatch strain of γ/γ′ phase,
which is the thermodynamic driving force for the coarsening of the γ′ phase, was gradually
consumed, so that the coarsening rate gradually decreased. Secondly, the WQ sample had
the smallest γ′ phase size after thermal exposure for the same time, which can be explained
by comparing the lower dominant coherent strain of γ/γ′ phase of the WQ sample to the
other samples; in addition, during the coarsening process, more Re with low diffusion
coefficients was repelled from the γ′ phase, which was beneficial to delaying the coarsening
rate. Meanwhile, the coarsening of the γ′ phase broadened the spacing of the γ matrix, and
the γ matrix width of the WQ sample increased the least, as shown in Figure 8b. In addition,
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no significant tertiary γ′ phase was found in the γ-channels of all samples after 50 h of
long-term thermal exposure, which means that the tertiary γ′ phase was dissolved back
into the γ matrix as the γ-phase became coarsened and the elemental saturation decreased.
After the long-term thermal exposure of 50 h, the area fraction of γ′ phase decreased and
tended to be consistent for all samples, as shown in Figure 8c. However, at the initial stage
of thermal exposure, both WQ and AC samples showed a transient increase in their γ′
phase area fraction rather than a single decrease for HT sample. This is because the initial
stage of the thermal exposure process is similar to the aging process and allowed the γ′
phase to grow and reach the maximum area fraction.

 

Figure 8. The Variation in the size of γ′ precipitates (a), width of γ matrix channel (b), and the area
fraction of γ′ phase (c) in the alloys during thermal exposure at 1100 ◦C.

To illustrate the precipitation behavior of TCP during thermal exposure, firstly, the
composition and structure of the TCP phase were analyzed, it was rich in Mo and Re
elementsand identified as σ-phase [34], as presented in Figure 9. Then, the area fraction and
length of TCP phases of the samples after different thermal exposure times were measured,
as seen in Figure 10. It is clear that despite the as-cast samples undergoing the same solid
solution heat process, the cooling rate after ST still significantly affected the precipitation
behavior of the TCP phases. The area fraction of TCP phases in WQ sample after 50 h of
thermal exposure was remarkably smaller than that in AC and HT samples, which was
due to the fact that HT samples have the highest content of Mo and Re in their γ matrix,
as listed in the previous Table 4. However, the length of the TCP phase in the WQ sample
after 50 h of thermal exposure was higher than that in AC and HT samples, and the reasons
for this will be discussed in detail in the next section. In summary, the faster cooling
rate after ST not only slowed down the coarsening of the γ′ phase but also reduced the
precipitation of the TCP phase, i.e., the fast-cooling rate was to some extent beneficial to
the microstructure stabilization.

3.4. Creep Behavior under 1100 ◦C/137 MPa

The typical creep curves of the experimental alloy after different heat treatment are
shown in Figure 11a. It can be seen that the creep process includes three stages, namely
a primary stage, a steady state stage and an accelerated stage. The HT samples have the
shortest rupture life of only 49.8 h. However, by increasing the cooling rate after ST, the
rupture life of the WQ sample increased significantly from 101.2 h for the AC sample
to 184.5 h, which was about four times longer than that of the HT sample. In addition,
there was a slight increase in elongation of the HT sample compared to the WQ and AC
samples. In order to better analyze the intrinsic mechanisms of the reduction in rupture
life, quantitative features of creep behavior corresponding to different creep stages were
researched, as illustrated in Table 5 and Figure 11b. The lowest steady state creep rate of
0.37 × 10−4 h−1 can be found for the WQ sample, which is about one-fifteenth of that of the
HT sample; this is one of the reasons why it has the longest fracture life. It is noteworthy
that the WQ sample has the highest strain and the longest time of the primary stage and
tertiary stage, while the primary stage creep is almost invisible for the HT sample. Thus,
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this suggested that increasing the cooling rate after ST not only affects the reprecipitation
of γ′, but also influences the deformation mechanism of creep and significantly improves
the creep properties of the alloy.

 

Figure 9. Typical TEM images and SAD patterns (a) and the compositional result by EDS (b) of σ
phases for HT samples after thermal exposure at 1100 ◦C for 50 h.

 

Figure 10. Area fraction (a) and length (b) of TCP phases of samples after different thermal
exposure times.

 
Figure 11. (a) Creep strain–time curves (The inset shows the primary stage of creep); (b) strain rate
with respect to strain of the different heat treatment sample at 1100 ◦C/137 MPa.
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Table 5. Creep properties of the different heat treatment sample at 1100 ◦C/137 MPa.

Condition Life (h)
Elongation

(%)
Steady state Creep
Rate

.
εss(×10−8 s−1)

Time of the
Primary Stage (h)

Time of the
Tertiary Stage (h)

Strain of the
Primary Stage (%)

HT 49.8 ± 4.6 80.0 ± 3.3 14.89 0.9 21.1 0.15
AC 101.2 ± 7.9 84.1 ± 4.5 4.02 8.9 36.7 0.71
WQ 184.5 ± 10.2 87.9 ± 5.2 1.03 15.4 57.4 0.98

The microstructures of samples after creep for 10 h and rupture at 1100 ◦C and 137 MPa
are shown in Figure 12. There were significant differences in microstructure after 10 h of
creep. The rafting was perpendicular (N-type rafts) to the loading direction and had been
basically completed in the WQ sample, as shown in the Figure 12a. However, only part
of the regions was rafted, and the morphology of the γ′ phase mostly was irregular in the
AC sample. For the HT sample, its γ′ morphology is little different from that of the AC
sample, but visible TCP phase precipitations can be seen. The WQ sample had a higher
rafting rate and raft integrity compared to the other two samples due to its higher fraction
of finer regular γ′ phase and the more negative lattice misfit obtained during the primary
stage creep at a high temperature. In addition, more γ matrix, which seem like a “small
island” and was embedded in the γ′ phase, were observed in AC and HT samplesed; this
topological inversion microstructure restricted the motion of dislocations in the γ-phase
and accounted for the lower strain in the primary stage creep.

 

Figure 12. The microstructure of different samples after creep testing under 1100 ◦C/137 MPa:
(a–c) interrupted for 10 h, (d–f) ruptured; (a,d) WQ sample, (b,e) AC sample and (c,f) HT sample
(the loading direction is shown by the arrow).

The γ–γ′ interfacial dislocation network after crept interrupted for 10 h was observed,
as shown in Figure 13. It can be seen that the dislocation network of the WQ sample is
denser with the smallest spacing of about 22.3 nm, while the spacing of the AC sample and
HT sample are about 33.4 nm and 40.6 nm, respectively. The order of magnitude relationship
between them was consistent with the calculated results by Vegard Law, as shown in
Figure 14. This is reasonable because for the WQ samples at the beginning of creep, the γ′
phase content increases under the thermal effect, and the elemental distribution between
the two phases is aggravated. Particularly, the differences in Ta element content were
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most pronounced (see in Table 6), which in turn makes it have a more negative mismatch
degree and thus form a denser dislocation network. The dense dislocation network can
effectively prevent the dislocations cutting into the γ′ phase, which is beneficial to improve
the creep performance [35]. Therefore, increasing the cooling rate after ST is conducive
to promoting the formation of rafts and forming a denser dislocation network during the
primary stage of creep. After ruptured, the γ–γ′ phases microstructure of all samples
undergoes more pronounced coarsening and loss of N-type rafts. The coarsened rattan
shape γ′ phase is to some extent parallel to the stress axis due to the huge accumulation
of deformation. In addition, the TCP phase presented in all samples, but the amount of
TCP was significantly lower in the WQ samples compared to the HT, this coincides with
the results of thermal exposure.

 

Figure 13. The dislocation network formed in samples interrupted by creep 1100 ◦C/137 MPa for
10 h: (a) WQ sample, (b) AC sample and (c) HT sample. (Beam = [001], the spacing of the dislocation
network is marked by red arrows).

 
Figure 14. The lattice misfit and dislocation network spacing after 10 h of creep interruption at
1100 ◦C/137 MPa, and denser dislocation networks showed longer creep life.

Table 6. γ- and γ′ phase compositions after interruption of crept 10 h (at.%).

Condition Al Mo Re Ta Ni

WQ
γ 3.57 13.84 4.03 2.36 76.19
γ′ 12.62 4.55 0.36 2.70 79.78

AC
γ 3.60 14.25 4.26 1.21 76.68
γ′ 13.11 4.62 0.47 2.17 79.63

HT
γ 3.68 14.06 4.35 1.13 76.79
γ′ 13.02 4.70 0.50 2.25 79.55
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Figure 15 shows the morphology in the longitudinal section of the AC and HT samples
after creep deformation at 1100 ◦C/137 MPa. It can be seen that there were numerous
micropores formed inside the fractured samples, and they decreased rapidly with the
increase in the distance from the fracture surface, as shown in Figure 15a,b, and the
quantitative statistical results are shown in Figure 16a. Micropores in SX superalloys
generally include solidification pores (S pores), homogenization pores (H pores) and creep
deformation pores (D pores). S pores and H pores are generally irregular or ellipsoidal (see
Figure 15c), and the H pores are caused by the Kirkendall–Frenkel effect; meanwhile, the D
pores are square- or rhombus-shaped, because its shape depends on the slip of dislocations
on the octahedral slip system (see Figure 15d,e), and the long sides of the square is are
parallel to the [001] direction, and its facets are lay on {110} planes. In this work, D pores
accounted for the main part. Due to the formation of micropores, the true stress increased
significantly, which in turn exacerbated the deformation of the nearby matrix to form more
micropores. This is amongst the reasons why the creep rate increased rapidly at the end
of creep.

Figure 15. SEM micrographs of different samples ruptured after creep deformation at 1100 ◦C/137 MPa:
(a) WQ sample, (b) HT sample, (c) TCP phases near homogenization pores, (d) TCP phases near the
creep deformation pores and microcracks and (e,f) growth of pores and microcracks.

 
Figure 16. (a) number of micropores varies with the distance from the fracture surface and
(b) histogram of average number of micropores and TCP phase area fraction.

Compared with HT samples, the number of micropores in WQ samples was signifi-
cantly less, as shown in Figure 16a. Further observation of the microstructure around the
micropores and microcracks revealed that a large number of TCP phases are accompanied
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near them, as shown in Figure 15c–f. This implied that the micropores or microcracks
were nucleated around the TCP phase and gradually grown with the accumulation of
deformation. Actually, the area fraction of TCP phase of fractured WQ sample was about
0.9%, which was lower than 1.9% and 2.9% for the AC and HT samples, respectively. Thus,
the average number of micropores was essentially proportional to the area fraction of the
TCP phase after the ruptured samples is shown in Figure 16b. This explained why the
WQ sample had the lowest number of micropores. In the early stage of creep, dislocations
mainly moved in γ–γ′ phases microstructure, especially filled in the γ-channel. As the creep
progressed, the γ–γ′ phases microstructure underwent directional coarsening, and the TCP
phases gradually precipitated from the supersaturated γ-phase and grew up gradually. The
TCP phase was brittle and semi-coherent with the γ matrix. If dislocations encounter the
TCP phases when they are slipping or climbing in γ–γ′ phases microstructure, dislocations
will accumulate at the interface of TCP/γ or TCP/γ′ and to generate vacancies. Because
the easily movable dislocations are located in the <110> {111} of the octahedral slip system,
it gradually grew into cuboid micropores along the [001] direction. Creep was continued,
and the microcracks were easily initiated at the corners of the micropores due to stress
concentration and propagated on the {111} planes which had the largest Schmid factor,
as shown in Figure 15f. The microcracks and micropores grow continuously under the
action of applied stress and connected with each other to form large cracks until fracture
occurred. Thus, it was obvious that the initiation and propagation of these micropores and
microcracks near the TCP phase accelerated the fracture of the SX superalloy.

4. Discussion

4.1. Effect of Cooling Rate on the Reprecipitation and Coarsening of γ′ Phase

In the previous section, the experimental results showed that the cooling rate after ST
has a significant effect on the size distribution, morphology and phase composition of γ′
reprecipitation. In this research, upon solution treatment at γ′ super-solvus temperatures,
the primary phase of alloy was completely dissolved and obtained a single γ solid solution,
and the secondary γ′ phase precipitated during its subsequent cooling. A classical theory
proposed by Ricks et al. [30] suggests that the morphological development of the γ′ repre-
cipitation from a single γ-phase solid solution occurs in the sequence spheres, cubes, arrays
of cubes and eventually solid-state dendrites as coarsening is promoted by ageing, and this
process is influenced by the lattice misfit [16,36]. For the experimental alloy, it has a high γ′
volume fraction (over 80 vol.%) and with a negative lattice misfit, so that it precipitates and
transforms into a cubic secondary γ′ phase rapidly during cooling process after ST. When
γ′ phases get coarsened, the coherent strain energy was increased and the γ′ phases were
transformed to cubic with concave feature.

The difference in the nucleation and growth of γ′ reprecipitates caused by cooling rates
cannot be ignored. The observed density value for the γ′ precipitates increased with the
cooling rate, which indicated that the decomposition of the γ-phase occurred under large
undercooling. Under large undercooling below the equilibrium instability temperature,
the driving force for the nucleation of the γ′ phase is expected to increase rapidly, and thus
the nucleation rate of the γ′ precipitate per unit volume will increase. The homogenous
nucleation rate (

.
N) of the γ′ phase from the γ-phase was calculated from [37]:

.
N = Aexp{−ΔG∗

kT
} exp {−Q

kT
} (4)

where A is a pre-exponential factor, T is the temperature (K), ΔG∗ is the activation energy
for nucleation and Q is the activation energy for self-diffusion. The activation energy for
nucleation is calculated from:

ΔG∗ = 16πσ3

3(ΔGv)
2 (5)
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where σ is the interfacial energy between γ- and γ′, ΔGv is the driving force for γ′ precipita-
tion. Babu et al. [24] calculated and summarized that the nucleation rate increases rapidly
with large undercooling below the equilibrium instability temperature. However, below a
certain temperature, the nucleation rate decreases slightly due to the reduction in atomic
mobility. For the WQ condition, the density of the γ′ reprecipitates are 2 times higher
than that of AC, as listed in Table 3. In addition, the shorter the diffusion time, the higher
the particle number density, and the overlapping of precipitation diffusion fields limits
the growth rate of γ′ precipitates under WQ conditions compared with AC conditions,
resulting in the formation of finer size γ′ precipitates. Also, due to the limited diffusion rate,
coupled with the superimposed fast cooling rate, there was only a very limited time for
partitioning of the alloying elements between the γ′ and γ-phases. Therefore, the composi-
tion of γ′ precipitates was far from the equilibrium, as shown in Table 4. The high cooling
rate during WQ prevented any further nucleation events despite the non-equilibrium
conditions; thus, a monomodal size distribution of γ′ precipitates is observed. However,
the relatively slower cooling for AC samples, the secondary γ′ precipitates nucleated at
relatively higher temperatures (lower undercooling) with lower nucleation rates, resulting
in a lower density of the precipitates, and the diffusion rate was fast enough to form a phase
closer to the equilibrium composition. However, the γ matrix region between the secondary
γ′ precipitates, away from the growing γ′/γ interfaces, retained a far-from equilibrium
composition. As the temperature decreased during successive cooling, the driving force for
γ′ phase nucleation increased, and eventually, re-nucleation at lower temperatures resulted
in the formation of very fine tertiary γ′ precipitates in the region between the secondary
γ′ precipitates.

The (directional) coarsening of the γ′ phase is a typical feature of the microstructure
evolution of the superalloy under high-temperature thermal exposure, which have a
significant effect on the high-temperature creep properties. Therefore, the coarsening rate
of the γ′ phase in the alloy under different cooling conditions needs to be investigated.
The size of γ′ and γ-phases continued to increase during thermal exposure at 1100 ◦C;
the topological inversion phenomenon appeared even after 50 h due to the high γ′ phase
fraction. The γ′ precipitates coarsening usually obeys the LSW theory based on matrix
diffusion, the description for calculation is as follows [38,39]:

rn
t − rn

0 = Kt (6)

where rt is the average radius at the thermal exposure time t, r0 is the average radius
at t = 0, n is the temporal exponent and K is coarsening rate constant. Accordingly, the
coarsening rate constants of γ′ precipitates in experimental alloys are presented in Figure 17.
Obviously, the experimental data appeared to match perfectly to the classical LSW model
when n = 3 according to Equation (6) for all samples. The K values was 0.16 μm3/h for WQ
sample were calculated by fitting the slopes of the line connected by these points, which
was much lower than the values for the AC and HT samples. So, the γ′ coarsening rate
was significantly reduced by increasing the cooling rate after ST.

The coarsening of the γ′ phase is an important reason for the decline of the creep per-
formance. In order to strengthen the high-temperature creep performance of the superalloy,
it is necessary to slow down the coarsening process of the γ′ phase as much as possible. In
general, the coarsening of γ′ precipitates depends on the reduction in the interfacial energy
and coherent strain energy of the γ–γ′ phases. Under the condition that the volume fraction
of the γ′ phase is basically unchanged, the interfacial energy of the γ–γ′ phases decreases
with the increase in the size of the γ′ precipitate. Furthermore, the coherent strain energy
is related to the distribution of alloying elements in the γ- and γ′ phases; the lower the
microsegregation of the γ/γ′ phase is, the smaller the coherent strain energy is. Because
the interfacial energy is difficult to tune by considering the formation of fine and cubic γ′
precipitates to sufficiently hinder the movement of dislocations, the coherent strain energy
can be achieved by reducing the microsegregation of the γ/γ′ phase. From the results in
Figures 7, 8 and 17, it can be determined that by increasing the cooling rate after solution

86



Crystals 2022, 12, 1235

treatment, the microsegregation of the two phases was decreased (see Table 4), and the
coherent strain energy was also lowered. Although the interface energy of γ/γ′ phase
increased somewhat due to the reduction in the size of the γ′ phase, the overall driving
force for coarsening of the γ′ precipitate was decreased. In addition, in the coarsening
process, more rhenium with a low diffusion coefficient needed to be repelled from the γ′
phase, which together slowed down the coarsening rate of its γ′ phase.

 
Figure 17. Plots of precipitates size (r3) vs. time (t) for γ′ phases during thermal exposure at 1100 ◦C,
the coefficient of determination (R2) were also labeled.

4.2. Effect of Cooling Rate on Precipitation of the TCP Phase

As has been established, the TCP phase precipitates from the supersaturated γ-phase
during thermal exposure [13,40] and causes severe degradation of the alloy properties [9,41].
On the one hand, the precipitation of the TCP phase consumes a large amount of solid
solution elements, such as Mo and Re, leading to a decrease in the strength of the γ matrix;
on the other hand, TCP as a brittle phase causes stress concentration and becomes the
origin of micro-cracks [34]. Therefore, the supersaturation of alloying elements in γ-phase
of heat-treated specimen determined the nucleation and growth behavior of the σ-phase.
As mentioned above, the Mo and Re concentrations of the γ-phase in the WQ samples
under rapid cooling are lower than those in the AC samples under slow cooling, as shown
in Table 4. So, a lower nucleation rate of the σ-phase is observed in the WQ specimens
than in the AC specimens during the initial period of thermal exposure, which is consistent
with the lowest TCP phase area fraction of the WQ sample in Figure 10a. However, for the
HT samples, which under a slow cooling rate and having undergone two-step aging, the
γ′ phase adequately grew and expelled Mo and Re elements from the γ′ phase into the
γ-phase. This further increased the supersaturation of alloying elements in the γ-phase and
thus rapidly precipitated a large amount of σ-phase during the initial period of thermal
exposure. Nevertheless, with the growth of the σ phase, the Mo and Re concentrations
of the γ-phase in HT samples decreased significantly after the initial period of thermal
exposure due to the remarkable consumption of Mo and Re elements by σ phase, while the
growth rate of the TCP phase is proportional to the supersaturation degree of the γ-phase
during thermal exposure [40]. Therefore, there were lower Mo and Re concentrations of
γ-phase in the HT samples compared to the WQ samples, which resulted in a reduction
in growth driving force of σ-phase and thus shorter σ phase. Altogether, the cooling rate
after ST changes the supersaturation degree of the γ-phase and thus affects the nucleation
and growth behavior of the TCP phase. This phenomenon was probably attributed to
the fact as follows: first, with the temperature decreased from upon the γ′ dissolution
temperature, the γ′ phase precipitated from the supersaturated γ-phase and it’s a diffusion-
type phase transformation, so the composition of the γ- and γ′ phases is influenced by the
cooling rate. Increasing the cooling rate after ST, the time and temperature for diffusion of
alloying elements are reduced and the elements are ‘frozen’ in γ- and γ′ phases. Therefore,
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the compositional difference between the γ- and γ′ phases in the WQ sample is smaller,
i.e., the Mo and Re content (saturation) of the γ-phase is lower.

4.3. Effect of γ′ Reprecipitation and TCP Phase on Creep Properties

It has been mentioned above that the creep properties of the experimental alloy were
substantially improved by increasing the cooling rate after solid solution. It is essential
to investigate the relationship between the microstructural evolution (γ–γ′ phases and
TCP phase) and the stress-rupture property of the alloy. In general, the main strength-
ening mechanisms of Ni-based single crystal superalloy include solid solution strength-
ening [42,43], precipitation phase strengthening [44] and interfacial dislocation network
strengthening [45]. At high temperatures, the mechanical properties of SX superalloys
are strongly dependent on the morphology, size and volume fraction of the γ′ phase. A
classical work by Nathal [46] showed that in a Re-free Ni-based single crystal superal-
loys with a negative mismatch, the creep life shows a peak at a γ′ phase size of about
450~500 nm, and the optimal size range of γ′ phase decreases as the lattice misfit becomes
more negative. Murakumo [5] suggested that the highest creep life was obtained with a γ′
volume fraction of about 70% at room temperature. It can also be demonstrated that the
alloys containing spherical precipitates had lower creep strain rates than those containing
cubic precipitates [7]. Generally, the strength increments in critically resolved shear stress
(CRSSs) for the precipitates shearing (Δτc) is calculated using followings:

Δτc =
1
2

(
Gb
λ

)
2w
π

(
2πγAPBr

wGb2 − 1
)0.5

(7)

and the stress σOR required for a dislocation to slip through a narrow matrix channel is
given by equation:

σOR =

√
2
3

(
Gb
hS

)
(8)

where γAPB is the antiphase boundary energy of γ′ phase, b is the Burgers vector, r is the γ′
mean size, λ is the average interparticle spacing, G is the shear modulus, h is the width of
the γ-channel, w is the fitting parameter and S is the Schmid factor. In the current study,
the experimental alloys used water cooling after solution treatment, which had the smallest
γ′ phase size and γ-channel width. In the early stage of creep, σOR is the dominant due to
the dislocations move mainly in the γ-channel, thereby the WQ sample has the strongest
creep strength at this stage. After that, the γ and γ′ phases are coarsened to a certain extent
(about 550~700 nm), and its γ′ volume fraction increased (about 80%), as seen in Figure 8.
At this time, the strength increment Δτc brought by the γ′ phase is dominant. Therefore,
the WQ sample always has the highest strength compared to the other samples.

Furthermore, it can be seen that the faster cooling rate samples have a larger strain of
primary creep stage. Rae [47] proposed that the primary creep rate is controlled principally
by the dislocation activity and density accumulating of <112>{111} slip systems in the
γ-channels, and the greater primary creep is due entirely to a more rapid creep rate. During
the primary creep stage, for the WQ sample, a regular and cubic γ′ phase was enveloped
by γ-channels due to the faster cooling rate after ST, whose γ-channels are interconnected
and dislocation-depleted state; the dislocation of <112>{11} slip systems is easily activated
and accumulated, and coupled with a longer primary creep stage can accumulate a higher
strain. However, for AC and HT samples, its γ′ phase is coarser and irregular, and there
are tertiary γ′ phases or pre-formed dislocation networks in the γ-channel. The presence
of fine tertiary γ ′ particles impede propagation of the perfect matrix dislocations which
are forced to cut the γ ′ precipitates much earlier in some localized regions [48]. The strain
of primary creep is particularly influenced by tertiary γ′ precipitation in the γ-channel
because of these particles may increase the resistance of the normal dislocation bowing out
and dislocation motion is limited [49], thus ultimately leading to a low strain. However,
it will undergo dissolution during elevated temperature thermal exposure and therefore

88



Crystals 2022, 12, 1235

affects more the primary creep behavior rather than the whole creep process. This is also in
agreement with the fact that no significant tertiary γ′ was found in the microstructure of
thermally exposed and creep-interrupted samples.

Under elevated temperature and low stress, the original cubic-shaped γ′ phase under-
goes directional coarsening and the higher the degree of lattice misfit between γ- and γ′
phases, a denser dislocation network is formed at the interface of the two phases, which
prevented the dislocations cutting into the γ′ rafts, thus improving the creep lifetime [10].
The microstructure turns into a more complete rafts perpendicular to the stress for the WQ
sample compared to the AC and HT sample. In addition, a denser dislocation network
formed in the WQ sample can effectively prevent dislocations from penetrating into the γ′
phase; the stability of dislocation network helps to correspondingly stabilize the lamellar
γ/γ′ structure during the stable creep stage. Thus, the WQ sample has the lowest steady
state creep rate. Furthermore, when the creep enters the tertiary stage of creep, the grown
TCP consumes a large amount of Re and Mo and reduces the solid solution strength of the
matrix, and the TCP phase becomes the nucleation site for micropores and microcracks be-
cause it is a brittle phase and semi-coherent with the matrix, which accelerates the damage
accumulation at tertiary stage. Compared with the HT and AC samples, the rapidly cooled
sample (WQ) had a smaller amount of TCP and delayed its precipitation, which not only
delayed the onset of entry into the tertiary stage, but increased the time of the tertiary stage.
These are representative of the reasons as to why faster cooling rates lead to longer creep
life of the superalloy.

5. Conclusions

1. The cooling rate after solid solution treatment significantly affected the size distri-
bution and morphology of the γ′ reprecipitates (secondary γ′ phase), and with the
increasing of the cooling rate, the size of γ′ precipitates decreases while its num-
ber density increases. The morphology of γ′ phase also transforms from cubic to
complex shape.

2. The size of γ′ reprecipitates under fast cooling rate showed a monomodal size distri-
bution, while the tertiary γ′ phase precipitated in the γ-channel under slow-cooling
rate, and the faster cooling rate leads to lower Mo and Re content in the γ-phase
(i.e., lower supersaturation degree).

3. During the thermal exposure at 1100 ◦C, the coarsening rate of γ′ phase under fast
cooling rate is slower, and the area fraction of the precipitated TCP phase is lower due
to lower supersaturation degree of the γ-phase, but the length of the TCP is longer
compared to the slow-cooled sample.

4. The creep life of the alloy significantly improved by increasing the cooling rate after
solution treatment. On the one hand, this comes from the better homogeneity and
thermal stability of the microstructure under high cooling rate after solution heat
treatment; On the other hand, The finer cubic γ′ precipitation facilitated rafting, which,
combined with the reduction in the TCP phase as the origin of microcracks, resulted
in better high-temperature creep properties of the alloy.
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Abstract: The hollow twin-web disk is designed to improve the thrust-to-weight ratio of the aero
engine, where the welding joint microstructures determine the disk’s mechanical properties. This
study aimed to elucidate the effect of abnormal grains formed in the welding region on the mechanical
properties of FGH96 solid-state diffusion bonding joints. Digital image correlation using images
captured by scanning electron microscopy (SEM-DIC) and electron backscattering diffraction (EBSD)
technologies were applied. The results show that abnormally large grains (2.5 times that of the
matrix), with preferred orientation in the bonding region, were detrimental to the joint mechanical
properties. The yield and tensile strengths were 995.85 MPa and 1456.67 MPa, respectively, and
the corresponding relative (ratio to the matrix) ones were 92.54% and 88.81%. After modifying the
bonding process, the grain size in the bonding region was tailored to close to that of the matrix,
and considerable twin boundaries (TBs) formed, leading to the relative tensile and yield strength
reaching 98.86% and 99.37%. Furthermore, the failure mode changed to intragranular type from
intergranular type. It demonstrates that tailoring the newborn grain size, introducing TBs inside, and
eliminating preferred orientation during the welding process can be an efficient way to improve the
joint mechanical properties.

Keywords: FGH96 joint; welding; abnormal grain; grain orientation; twin boundary; failure

1. Introduction

The powder metallurgy (PM) Ni-based superalloys exhibit many excellent perfor-
mances compared to the conventional wrought superalloys, such as the uniformity of com-
position, high damage tolerance, and oxidation resistance [1,2]. As a typical 2nd-generation
PM Ni-based superalloy, FGH96 is widely used to manufacture turbine disks [3,4]. In
order to improve the thrust-to-weight ratio, the traditional single-web turbine disk was
supposed to be substituted by hollow twin-web turbine disks (TWD), which are conducive
to weight reduction and cooling efficiency [5–7]. The welding techniques were applied to
produce the hollow profiles, among which the solid-state diffusion bonding (SSDB) process
was considered a prevailing method, since it can avoid the formation of adverse phases
in the bonding regions, such as blocky brittle phases or intermetallic compounds, which
are inescapable during the transient liquid phase bonding and braze welding [8–10]. Due
to the microstructure discrepancy between the welding areas and the matrix regions, the
welding region was usually the weak zone of the joint and determined the mechanical
properties of the TWD. Therefore, it is important to study the microstructures formed in
different welding processes and their effects on the mechanical properties of bonding joints.

The microstructure features in the welding zone, such as the grain sizes, orientation
distribution, and the grain boundary characterization distribution (GBCD), were decided
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by the welding processes, for example, the bonding temperature and pressures, the initial
material states, and the pure Ni interlayer application [11–13]. All the above microstructure
features can strongly influence the material properties, including the physical and chemical
properties [14–17], and mechanical properties [18–22], which are widely studied in different
based materials (BMs). However, few studies were accessible for the SSDB joints.

It is well known that grain sizes influence mechanical properties and failure mode.
For example, the yield strength, tensile strength, and fracture elongation decreased with
increasing the grain size in nickel-based superalloy deformed at room temperature [23].
While in the studies of Maowen Liu and F.K. Yan [24,25], excellent strength ductility synergy
was accomplished in the recrystallized 316 stainless steel by tailoring grain size into the
nanoscale. Similar studies were carried out on magnesium [26], and a simultaneous increase
in strength and ductility were achieved by tailoring the grain size from 125 μm to 51 and
5.5 μm, due to the activation of non-basal slip systems and the formation of nano-spaced
stacking faults, where the activation of more dislocations helped to accommodate strain and
improve the uniform elongation, and the high density of nano-spaced stacking faults acted
as an additional strengthening mechanism. The grain size also influenced the failure mode.
Tim P. Gabb [27,28] revealed that the specimens with a fine grain failed mostly from internal
inclusions, while those with coarse grains always failed from crystallographic facets.

In addition to the grain size, the grain orientations also have an impact on the mechan-
ical properties, which are significantly outstanding in the single crystal superalloys, exclud-
ing the effect of high-angle grain boundaries (HAGB) and twin boundaries (TBs) [29–32].
Yifei Li [29] found that the [111] orientated specimens displayed the longest creep life at
850 ◦C for a 3rd generation single crystal superalloy, the [11] one showed the shortest creep
life and longest elongation, and the [1] one presented the intermediate performance. This
phenomenon was related to the different activated slip systems and their interactions at
different stages for the specimens with different orientations. Other studies [33,34] also
revealed that the activation of different slip systems (cube slip or octahedral slip systems)
was mainly affected by the crystal orientation at intermediate or low temperatures, and then
affected the fatigue properties. Shiqi Zhang [35] figured out that the geometric necessary
dislocations (GNDs) density had a strong orientation dependency during the monotonic
deformation of aluminum alloy: <111> orientated grains with a higher Taylor factor accu-
mulated more GNDs than <100> orientated grains, which was attributed to the fact that
higher Taylor factor grains required larger stress to realize uniform geometrical change.

Moreover, TBs play a vital role in adjusting the mechanical properties. Numerous
studies [36–38] demonstrated that twinning could produce a much improved strength
without sacrificing resistance to fracture due to the coherent nature of TBs. Depending on
its characterization, this kind of boundary can block or transmit the slip and thus provide
strength and ductility [37]. Shiteng Zhao [38] showed a bulk nanostructuring method to
make a pure Ti achieve an ultimate tensile strength of almost 2 GPa and a true failure strain
close to 100% at 77 K by introducing a multiscale, hierarchical twin architecture into the
coarse-grained titanium, which diminished the trade-off between the strength and ductility.
The pre-twinning strategy, based on stacking fault energy (SFE) controlling in medium
Mn steel, provided continuous hardening capacity after yield; consequently, the tensile
strength increased by 1.7 times with an acceptable ductility via alleviating shear strain
accumulation and retarding crack initiation [39].

Up to now, many studies [21,38,40,41] have indicated an inner relationship among
grain size, grain orientation, and TBs numbers, which comprehensively affect the material
properties. Bingshu Wang [40] reported that although higher yield strength was produced
in the small grains, deformation twinning was favored in larger grains and affected by
the grain orientation. Finally, twin–twin interactions in large grains also promote hard-
ening. It is also proposed that too large or too small grains are not conducive to the TBs
formation [38]. M. Sarkari Khorrami [42] showed that the formation of abnormally grown
grains is concomitant with the development of {001}〈100〉 cube and {110}〈001〉 Goss tex-
ture components in deformed aluminum alloy. Furthermore, the pre-existing preferred
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orientation in the deformed alloy can, in turn, enhance the incubation of abnormal grain
growth [43]. R.T. Ott [41] studied the dependence of the strength and ductility on the twin
density and orientations of ultra-fine grained Ag, which presented that the untwinned
grains provided decreased strength compared with twinned grains due to relatively low
resistance to slip, and the twinned grains without <111> orientation were softer than those
with <111> orientation.

The formers’ studies suggest that the microstructures correlated with grain size, orien-
tation, and TBs can offer crucial information for the strengthening and toughing mechanism,
and provide consults for reinforcement in metal alloys. Therefore, it can be deduced that
these factors and mechanisms may also be suitable for PM superalloy SSDB joints. How-
ever, up to now, the accessible information on the research was still poor, and no detailed
analysis was carried out on the PM superalloy SSDB joints.

In the present study, the relationship among the three factors (grain size, orientation,
and TBs) and their effects on the mechanical properties of FGH96 SSDB joints were studied,
and then the microscopic mechanism was analyzed, which could lend sight into tailor grain
microstructures and improve the mechanical properties of the SSDB joint.

2. Materials and Methods

2.1. Materials

The chemical composition of the BMs (a PM superalloy FGH96) is summarized in
Table 1. PM FGH96 alloy cylinders with a diameter of 40 mm and a height of 40 mm were
welded through the SSDB technique using a 5–10 μm pure Ni interlayer by electroplating.
The cylinders were bonded at 1140 ◦C under 8–10 MPa for 1 h in a vacuum less than
7 × 10−3 Pa and cooled in the furnace. The bonding temperature and time were chosen
according to the solution treatment of FGH96 carried out at 1127 ◦C~1150 ◦C for 2 h.
Two bonding processes were designed, as shown in Figure 1, which were carried out by
the Beijing Institute of Aeronautical Materials. For the first process, the initial condition of
the FGH96 for bonding was a supersolvus solid solution state. After the bonding process,
the joint was aged at 760 ◦C for 16 h to adjust the morphology of γ′, which was named the
original bonding process. The other bonding process was named the modified bonding
process, where the initial condition of the FGH96 for bonding was a hot forging state (with
a total 60% deformation and a 0.1 mm/s reduction rate at 1050 ◦C), then the joint was
treated through the standard supersolvus solid solution heat treatment (1150 ◦C for 2 h)
and aging heat treatment (760 ◦C for 16 h).

Table 1. Chemical composition of base material (BM), i.e., FGH 96 superalloy, in this study.

Composition (wt.%)

Co Cr Mo W Al Ti Nb Zr C B Ni

12.5~13.5 15.5~16.5 3.8~4.2 3.8~4.2 2.0~2.4 3.5~3.9 0.6~1.0 0.025~0.05 0.02~0.05 0.006~0.015 Bal.

Figure 1. The flowchart for welding processes with two different initial material states.
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2.2. Methods and Characterization

Dog-bone-shaped, sheet-type tensile specimens with a gauge length of 25 mm, gauge
width of 3 mm, thickness of 1 mm, and with the bonding region sited in the middle of the
gage length, were cut from the bonded cylinders, which were used for the uniaxial tensile
test at room temperature with a strain rate of 4.2 × 10−4 s−1. As a comparison, the BMs
that followed the same welding thermal cycle were also made into tensile specimens with
the same dimensions. The quasi in situ tensile experiments [44] were performed and the
specimens were tensile-deformed to different strains of 4%, 9%, and 15%. The microscopic
strain distributions in the bonding region and neighboring matrix zone were analyzed
by the digital image correlation (DIC) technique using secondary electron (SE) images
captured by scanning electron microscopy (SEM), i.e., the SEM-DIC technique. The Vic-2D
software (version 2009.1.0, Correlated Solutions Inc., Columbia, DC, USA) was applied as
the postprocessing tool for the strain calculation. Secondary γ′ with a size of 100–200 nm in
FGH 96 was chosen as a speckle pattern to achieve a strain field at a sub-micron resolution.
Furthermore, the evolutions of crystallography messages during the quasi in situ tensile
experiments were analyzed by the electron backscattering diffraction (EBSD) technique. All
the microstructure characterizations were conducted by SEM (Apreo S LoVac, FEI, Czech)
equipped with an EBSD system operated at 25 kV. In order to track the microstructure
evolution of the joint, tensile testing was interrupted for EBSD scans and taking images for
DIC on the same area of interest (AOI) between successive steps. The detailed operations
can be referred to the article [44]. The dislocation morphologies in deformed samples were
identified by a transmission electron microscope (TEM, JEM2100, Tokyo, Japan) operated
at 200 kV.

3. Results

3.1. Microstructural Characterization of FGH96 SSDB Joints

Figure 2 showed the microstructures of the FGH96 SSDB joints with different bonding
processes. The EBSD orientation image microscopy (OIM) maps, where colors indicate
the crystallographic orientation parallel to the normal direction of the bonding interface,
revealed that most newborn grains in the bonding region of the joint bonded by the
original process (named the original joint in the following text) were rendered by violet
color, suggesting the grains were with a preferential crystallographic texture, as shown in
Figure 2a,b. Notably, these messages were sampled from at least three different specimens
in different areas, making the observation statistically sound. In contrast, various colors
were randomly distributed in different grains in the bonding region of the joint bonded
by the modified bonding process (named the modified joint), and the grains of the BM
followed the same welding thermal cycle (named the BM), which indicated no preferential
crystallographic texture, as shown in Figure 2c,d. Furthermore, the standard stereographic
orientation triangles (Figure 2e–h) for the grains in the bonding regions and BM verified
that the grain orientation in the X-direction (the external stress) was mainly located near
<111> polar, with fewer at <001> corner, and little at <110> corner for the original joint,
while it was spread all over the triangle for the modified one and the BM.

Regarding the joints bonded with different processes, the grain sizes and GBCD for the
grains in the bonding regions are shown in Figure 2i,j, accompanied by the same messages
for the BM. The size of the newborn grains in the bonding region of the original joint was
the largest (60.12 μm), almost three times that of the BM (24.06 μm). While the modified
joint displayed a smaller newborn grain size (28.44 μm), which was equivalent to that of
the BM. Identifying from the GBCD in Figure 2j, little TBs (only 1.98%) were obtained in
the bonding region of the original joint. When the modified process was operated, the TBs
in the bonding regions increased to 50.82%, which was the same amount as that of the BM.

The morphologies of γ′ in different areas, from the bonding regions to the matrix
zone, were shown in Figure 3, which indicates that the size and shapes of γ′ were different
for different regions. This discrepancy can be used to identify the failure location for
tensile specimens.
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Figure 2. EBSD patterns of FGH96 SSDB joints with different bonding processes and the BM endured
the bonding thermal cycle. (a,b) Orientation image microscopy (OIM) maps in the X-direction (the
normal direction of the bonding interface) of the joint bonded by the original bonding process. (c) The
OIM map in the X-direction of the joint bonded by the modified bonding process. (d) The OIM map
for the BM endured the welding thermal cycle. (e–h) The corresponding orientation distribution for
the grains in the bonding region in (a–c), and the grains in the BM in (d). The grain size (i) and grain
boundary character distribution (GBCD) (j) for the grains in the bonding region and BM.

Figure 3. (a) Backscattered electron (BSE) images of FGH96 SSDB joint from the bonding region to the
matrix region, and the γ′ morphology in different regions of (a): (b) region 1, (c) region 2, (d) region 3,
and (e) region 4.
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3.2. Mechanical Properties

Tensile strength, yield strength, and elongation of the different joints are displayed in
Figure 4a, together with that of the BM. Furthermore, the relative strength and elongation,
i.e., the ratio between the joint and the BM, are shown in Figure 4b. Moreover, the fracture
morphologies of different samples are shown in Figure 4c–e. The tensile strength and yield
strength of the original joint reached 1465.67 MPa and 995.85 MPa, which were 92.54%
and 88.81% of that of the BM, respectively. Unexpectedly, the relative elongation reached
116.11%. When the bonding process was modified, the joint exhibited a tensile strength of
1583.86 MPa and yield strength of 1121.27 MPa, with a relative tensile strength of 98.86%
and yield strength of 99.37%. Obviously, these values were improved largely, compared
with the original joint. However, the relative elongation decreased to 95.25%.

Figure 4. Tensile strength, yield strength, and elongation of the SSDB joints and BM endured with the
same bonding process (a), and the relative strength and elongation for different joints (b). Fracture
morphology of SSDB joint with different bonding processes (c1–c4,e1,e2) and BM (d1,d2).

The fracture morphologies (Figure 4c) showed that the fracture surfaces were rock
candy-shaped and distributed with dimples, implying the typical ductile and intergran-
ular fracture characteristics for the original joint. Identifying from the section profile
(Figure 4(c4)), the fracture site of the joint was in the bonding region according to the joint
microstructure (Figure 3). The relative position between the primary crack line and the
high-angle grain boundaries (HAGB) displayed that the primary crack line coincided with
the HAGB of the abnormally large grain, suggesting the crack propagated along the HAGB.
However, the fracture morphologies of the modified joint and the BM were planar and
distributed with dimples, implying the fracture type transferred into a ductile intragranular
type. It is worth noting that some small planes arising from twin cleavage were distributed
on the fracture surface, as shown in Figure 4(d2,e2), suggesting that the TBs played an
important role in the deformation behavior.
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4. Discussion

The results of this work show that abnormal large grains with preferred grain ori-
entations and a small number of TBs formed in the bonding region of the FGH96 SSDB
joint bonded by the original process, leading to relatively poor mechanical properties.
After the bonding process was modified, the grain size in the bonding region was tai-
lored to be similar to that of the BMs, accompanied by the same fraction of TBs, and
the preferred grain orientation vanished. Then, the tensile mechanical properties were
improved largely. Moreover, the fracture type transferred into the intergranular type from
the intragranular type.

4.1. The Origin of Abnormal Grain Growth and Its Correlation with Preferred Grain Orientation
and Twin Boundaries for the Newly Formed Grains in the Bonding Region

The grain growth during welding is not only related to the strain energy caused by the
imposed external bonding stress but also to the material initial states before being bonded,
such as the initial grain size, the secondary phases, and the reserved strain energy in the
materials depending on the heat treatments. In order to qualitatively and quantitively
identify this information for the two different initial BMs used in this work, EBSD and SEM
were applied. The obtained results are shown in Figure 5. It can be seen that many large
primary γ′ and smaller secondary ones precipitated at the grain boundaries or in the grain
interior of the BM with a hot forging state, as shown in Figure 5c,d, while no γ′ were found
in the BM with a solid solution state, as presented in Figure 5a,b. Furthermore, the grain
sizes were much different for the two BMs (See Figure 5i).

Figure 5. The microstructure characterization of the FGH96 base materials with different heat treat-
ments. (a) Secondary electron (SE) images for solid solution (SS) treated state, and high magnification
(b), (c) SE images for hot forging (HF) state, and high magnification (d). (e–h) are, respectively, the
OIM map, grain orientation spread (GOS) map for SS state (e,f), and HF state (g,h). The grain size
distribution (i) and the area fraction of grains with a specified GOS (j) for the two specimens are also
statistically displayed.
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The grain orientation spread (GOS) measures the orientation deviation between all
the points within a grain relative to the average orientation for that grain and is commonly
used to characterize recrystallization [45]. A critical of GOS < 2◦ for recrystallization is
commonly used [45–48]. As a result, the GOS can be used as a credible index for identifying
grain inhomogeneous deformation. In order to qualitatively identify the pre-existing strain
in the initial materials before being bonded, the GOS was statistically analyzed, which is
shown in Figure 5j. Furthermore, the visual GOS maps and the OIM maps are shown in
Figure 5e–h for the two initial BMs with different heat treatments.

From the statistical results of GOS, it can be seen that all the GOS values for the grains
in the BM with a solid solution state were less than 2◦. Moreover, the orientation colors
in the OIM map (Figure 5e) were homogeneously distributed, and no color gradients
were presented within a single grain, suggesting that no deformed grains exist and the
recrystallization is completed, i.e., negligible strain energy existed in the initial material.
In contrast, grains with a GOS > 2◦ occupied a certain area fraction for the BM with a hot
forging state. Furthermore, orientation gradients can be seen in many grains, such as the
G1–G8 grains in Figure 5g, as inhomogeneous distributions of colors were within these
grains in the OIM map. Moreover, these grains with inhomogeneous orientations presented
larger GOS values and grain sizes, as revealed in Figure 5h, implying that the specimen
was mostly, but not completely, recrystallized after the hot forging and some deformed
grains were reserved [48], i.e., pre-existing nonnegligible strains reserved in the initial
material. Furthermore, the remaining deformation and unfinished recrystallization can
be reinforced by the tangled low-angle grain boundaries (LAGB) in the grains with larger
GOS, as indexed by the arrows in Figure 5g. It can be supposed that all the differences in
the initial microstructures of the BMs can lead to differences in the microstructure of the
welding zone.

The BMs with a solid solution state were used as the initial materials when the original
bonding process was carried out. As a result, the kinetics for the grain growth in the
bonding process mainly come from the strain energy caused by the imposed bonding
pressure, since negligible strain energy existed in the initial material due to the completed
recrystallization. The imposed pressure (8–10 MPa for 1 h) brings out a larger strain in the
pure Ni interlayer than that in the BMs due to solution strengthening; that is, more strain
energy is stored in the pure Ni interlayer. In view of the fact that there was no prior strain
energy in the BMs and a weak one was caused by the external stress in the bonding process,
the grain growth mostly concentrates in the grains surrounding the pure Ni interlayer
due to the strain-induced grain boundary migration [49], and this explains the result that
the grain size (24 μm in Figure 2i) in the matrix region of the original joint is close to that
(20 μm in Figure 5i) of the initial BM. The supersolvus heat temperature (1140 ◦C) applied
in the bonding process provides the thermodynamic condition for the grain growth. Driven
by the thermodynamic and kinetic conditions, the grain boundaries on either side of the
pure Ni interlayer would migrate, leading to the growth and coalescence of grains, and
the grain growth path goes through the pure Ni interlayer to consume the higher strain
energy [50,51]. This is one aspect that leads to the formation of abnormally large grains in
the bonding regions of the original joint, as shown in Figure 2a,b.

On the other aspect, there is no obstacle to the grain boundary migration due to the
absence of γ′ in the BM, as shown in Figure 5a,b. On the third aspect, the application of Ni
interlayer in the welding process promotes atom diffusion [12,52], which accelerates the
grain boundaries mobility and grain coalescence. It can be deduced that the formation of
abnormal grains in the bonding region is the result of integrating the above three effects,
leading to the grain size increase largely from 20.06 μm on average to 60.12 μm.

Apart from the abnormally large grain size, a notable characterization, i.e., most of
the large grains with a near <111> preferred orientation in the X direction (the external
stress direction or the normal direction to the bonding interface) and less with a near <001>
orientation, while none with a <101> orientation was displayed in the bonding region
of the original joint, as presented in Figure 2a,b,e,f. Many studies [53,54] illustrated that
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the abnormal grain growth was accompanied by the formation of a preferred orientation
texture, typically a low-energy, high-symmetry plane. According to the theory, the {111}
planes, the close-packed planes of atoms with the lowest surface energy in FCC, satisfy the
condition to be the favored orientation, which is consistent with our results for the larger
grains in the bonding regions, i.e., the {111}//bonding interface. It can be speculated that
the large grains, with the orientation near the {111}//bonding interface, grow much faster
than the surrounding grains with other orientations, and even consume other grains by
grain boundary migration during the bonding process; as a result, the preferred orientation
is produced at last. A similar phenomenon was observed in the in situ annealing process
for pure Ni and Cu [51]. In the study, the grains with a special orientation had the priority
to grow and consumed the surrounding grains with other orientations, leading to the
formation of orientation texture at the stage of abnormal grain growth, where the area
fraction of {111} grains rose steeply even from 0%, {001} grain increased during the initial
stage, then decreased at the final one, while the {101} grain decreased all the way.

Other studies [55] demonstrated the favored {100}-orientated grains in the abnormal
grain growth in FCC films formed after annealing, attributed to the minimization of the
strain energy since the <100>-oriented grains have the lowest and equal plane stress (σ1
and σ2) and the lowest strain energy density. Alejandro Barrios [56] also revealed that
the abnormal grain growth occurred predominantly in the family of grains with <100>
orientation along the loading direction during high-cycle loading at room temperature in
ultra-fine grained Ni, due to the lowest strain energy density of <100> orientated grains,
since the grain elastic anisotropy dictated the thermodynamic driving force of abnormal
grain growth at room temperature. In the present work, the study object is a Ni-based
alloy block instead of pure Ni film and experiences low static stress and high solid solution
temperature, where the capillary effects of GB energy and surface energy play a dominant
role in driving grain growth [56]. As a result, in order to balance the surface energy and
elastic strain energy, the most abnormal grains with preferred orientation {111}//bonding
surface, and fewer with {001}//bonding surface, are formed in the bonding region.

It is reported that oversized grains are not conducive to the TBs formation inside
due to the extremely high energy required to introduce multiscale twin architecture [38].
Additionally, the TBs in the grains with small grain sizes or unfavored orientations are
consumed, as these grains are swallowed during the abnormal grain growth [57,58], which
is the main factor that decreases the TBs density. Eventually, the TBs exhibited extremely
fewer number fractions (only 1.98%) in the newly formed large grains of the original joint,
compared with that (as high as 50.32%) of the BMs (see Figure 2j).

When the bonding process was modified, the hot forging alloy acted as the initial
material before being bonded. The large primary γ′ and smaller secondary ones in the BM
can provide a pinning force for the grain boundary migration [48,59,60]. Although the γ′
can solubilize at the supersolvus temperature (1140 ◦C for 1 h) in the bonding process, the
solution at this condition is a time-consuming process, and the primary γ′ perhaps can
partly remain, since the solution treatment of FGH96 was carried out at 1150 ◦C for 2 h in
general operation. Hence, the γ′ in the material can prohibit effectively the abnormal grain
growth during the bonding process.

Identifying the EBSD patterns of the initial material with a hot forging state, the
average grain size was about 4.55 μm (Figure 5i), which was much smaller than that both
in the matrix region (24 μm) and in the bonding regions (28 μm) of the modified joint, as
presented in Figure 2i, indicating that the grains in both the bonding and matrix regions
grew during the bonding process. The remaining deformed grains in the BM provide strain
energy to support the pre-existing recrystallized grains (with a small GOS value < 2◦) to
grow or to support the deformed grains to continue recrystallization in the whole volume
of the material, not restricted within the regions surrounding the pure Ni interlayer during
the bonding process. Finally, the deformed grains are consumed to reduce the overall
free energy present in the system [61]. As a result, the grains in the matrix region of the
modified joint grew from 4.55 μm to 24.06 μm. As to the grains in the bonding region, the
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driven force for the grain growth comes from not only the prior deformed grains but also
the strain energy in the pure Ni interlayer, leading to relatively larger grains with 28.44 μm.
No abnormal grain growth was found in the bonding region, which is different from the
case in the original bonding process, as presented in Figure 2c,i, mainly due to the retarding
effect of the primary and secondary γ′ on the grain boundaries migration, and partly due
to the strain energy from the deformed grains, which drive the overall grain growth in the
material instead of being limited in the local region surrounding the pure Ni interlayer.
Since no abnormal grain formed in the bonding regions and obtained a similar grain size
to that of the matrix region, no preferred grain orientation appeared. Furthermore, the
number fractions of TBs in both regions are similar.

It can be concluded that abnormal grain growth is the essential prerequisite for the
preferred grain orientation formation and decreased TBs. The abnormal large grains,
preferred grain orientation, and the TB amount in the bonding regions have a critical role
in the mechanical properties of the bonding joint, which will be discussed in Section 4.2.

4.2. The Influence of Abnormal Grains on the Mechanical Properties

The original joint with abnormally large and preferred orientated grains showed
weak yield and tensile strengths, as well as high elongation compared with that of the
modified joint, as shown in Figure 4. In addition, the fracture types were different, that
is, intergranular fracture or intragranular fracture. All the phenomena are related to the
different microstructures of joints, hence, the mechanisms of mechanical properties are
clarified and checked out below, in aspects of the discrepancy in microstructural characters,
including grain size, preferred orientation, and TBs amounts.

Grain refinement is considered an effective hardening route to significantly improve
strength based on the Hall–Petch relationship [62], where the yield stress, σy, is related
to the grain size, d, through the equation: σy = σ0 + kyd−1/2, in which σ0 is a lattice
friction stress, and ky is a constant of yielding. According to this expression, it is easily
comprehensible that the modified joint gave rise to a higher yield strength compared to the
original one, since the grain size in the bonding region of the modified joint is almost half
of that of the original, as statistically displayed in Figure 2i. Furthermore, the large number
fraction (50.82%) of TBs in the bonding region of the modified joint effectively subdivides
the grains, in other words, refines the grains further. As for the original joint, most of the
newly formed grains in the bonding regions presented a preferred near <111>-orientation,
hence, the number of grains with obviously different grain orientations that need to be
coordinated decreased, which reduces the resistance of metal plastic deformation and joint
strength. As a result, the modified joint exhibits a yield strength of 1114.26 MPa and relative
yield strength of 99.37%. The value is improved by 10% compared with the original joint.

Figure 6 shows the microscopic strain evolution with increased global strain for the
original joint calculated by SEM-DIC. It can be seen that the strain value in the bonding
region was higher than that in the neighboring matrix regions and the discrepancy became
increasingly larger with the global strain proceeding, as shown in Figure 6c, indicating
that the strain was more and more accumulated in the newly formed large grains and
led to fracture at this region, as shown in Figure 4(c4). In detailed observation, the strain
was revealed to be mainly concentrated along with the slip bands and intermitted by
the HAGBs, suggesting that the abnormal grains are favorable for slip activation and no
obstacles for slips exist in the interior of the grain, as presented in Figure 6a,b,d.
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Figure 6. The microscopic strain distribution at 4% global strain by SEM-DIC (a), and the SEM
images (b) with a higher magnification (d). The microscopic strain discrepancy between the bonding
region and the neighboring matrix region with increased global strain (c).

The tensile strength or strain-hardening ability and the ductility are strongly con-
trolled by the blocking of dislocation motion and the number of activated slip systems
in the deformed process. According to Kocks [63], work hardening is a consequence of
the fact that some fraction of mobile dislocations are stored in the crystals or react with
other dislocations to form new obstacles (obstacle dislocations) and then impede the con-
tinued slips, which is linked to the change in obstacle dislocation density during plastic
deformation, i.e., dρ = dρSTOR − dρRECOV, where dρRECOV is related to the recovery of
dislocations already stored, which decreases the work-hardening rate, and dρSTOR is related
to dislocation storage and enhances the work-hardening rate due to increasing obstacle
density. dρSTOR is inversely proportional to the mean free path for the mobile dislocation.
In the original joint, the abnormal grains provide a larger mean free path for the mobile
dislocation, and most of the mobile dislocations exit through the specimen surface without
any obstacles in the interior of the grain, and the only obstacle resource is the HAGBs,
hence, the obstacle dislocation density is low in the abnormal grains, leading to adverse
work-hardening ability. In order to support the speculation, TEM observations for the
dislocation at different sites of the bonding region were carried out when the original joint
deformed to 20% global strain, as shown in Figures 7 and 8. The specimens were prepared
by the focused ion beam (FIB) technique combined with EBSD in order to identify the
sites of specimen extraction. Figure 7a showed the dislocation morphology in the interior
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of the abnormal grain, displaying that the dislocations lined regularly in the slip bands
and escaped from the specimen surface without any obstacles, and no dislocation tangles
formed. It can be indicated that rare obstacle dislocations are stored in the interior of
abnormal grain and induce work hardening. Turn sight to the HAGB in the bonding region,
abundant dislocations were effectively impeded and stacked (in Figure 7c,f,g), suggesting
that the work-hardening effect mainly comes from the HAGB for the abnormal grains. The
phenomenon of the dislocations proved the Kocks theory in our case. When the bonding
process was modified, the smaller grain sizes reduced the mean free path of dislocations,
rendering a much higher work-hardening ability. Additionally, a large concentration of TBs
present in the microstructure can serve to effectively resist dislocation motion [25,49,64]
and give rise to nonuniform plastic microstrain due to the local strain accommodation, so
as to raise the resistance ability of the alloy to plastic deformation [38,44]. The blocking
interaction between the TB and dislocations was presented in Figure 7d,e, which confirms
the contribution of TBs to the strain hardening ability.

Figure 7. The bright-field images of the dislocation in the abnormal grain interior of the original
joint at 20% global strain (a) and the corresponding selected area electron diffraction (SAED) of the
matrix via B = 11-2 (b). The dislocation morphology at the HAGB (c), the twin boundary (d), and
corresponding SAED patterns (e–g).

Figure 8. The bright-field images of dislocation under two-beam diffraction conditions for Figure 7a:
(a) g = 2–20, (b) g = 111, and (c) g = 3–11.

The preferred orientated morphologies usually lead to anisotropic strengthening and
deformation behaviors [31,65]. In order to clarify the relationship between the preferred
grain orientation and microscopic deformation evolution, quasi in situ tensile tests com-
bined with EBSD analyses for the same region were carried out on the original joint with

103



Crystals 2022, 12, 1017

incremental degrees of global strains, and the obtained results are shown in Figure 9. Sev-
eral abnormal grains (G1U-G5D) in the bonding region were taken into analysis. According
to the two-beam electron diffraction analysis and the judge criterion of the dislocation

burger vector, i.e.,
→
g ·

→
b = 0, {1–11} <-112> dislocations were identified to be activated, as

presented in Figure 8, and then the Schmid factors (SF) evolution for this kind of dislocation
are shown in Figure 9b. It can be seen that the SFs of the abnormal grains were lower than
those of smaller grains in the surrounding matrix regions and became lower all the way
with the increasing global strain and orientation rotations, as presented in Table 2, indicat-
ing that the abnormal grains with preferred near <111>-orientations were not favorable
for slip activation and movements, that is, the <111>-orientated grains should have more
plastic strain resistance and lead to higher alloy strength, however, it is inconsistent with the
experimental results shown in Figure 6. Consequently, it can be inferred that the softening
effects coming from the abnormal grain size and the absence of TBs surpass the hardening
effect of orientation. In conclusion, the strengths of the bonding joint are not determined by
a single factor, but by a comprehensive consideration. Finally, the modified joint triggered
a higher tensile strength (1565.83 MPa) than that of the original one (1465.67 MPa).

Figure 9. The EBSD patterns evolution of the original joint at different global strains. Orientation
image microscopy maps (OIMs) with corresponding inverse polar figure (IPF)//X-axis (the stress
direction) (a1–a4), Schmid Factor for {111}<11-2> slips systems (b1–b4), and GND (c3,c4), (d) the
preset engineering strain values for quasi in situ EBSD observation, and the dimensions of the tensile
specimen with the stress direction (the inserted figure).
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Table 2. The Schmid factors for several abnormal grains in Figure 8 at different global strains.

Global Strain 0% 4% 9% 15%

Grain
Slip System {111}

<11-2>
{111}

<11-2>
{111}

<11-2>
{111}

<11-2>
G1U 0.45 0.44 0.41~0.45 0.38~0.45
G1D 0.46 0.45 0.41~0.44 0.38~0.42
G2 0.46 0.45 0.42~0.46 0.39~0.45
G3 0.42 0.42 0.38~0.44 0.36~0.44
G4 0.39 0.38 0.36~0.38 0.34~0.38

G5U 0.47 0.46 0.43~0.45 0.39~0.44
G5D 0.47 0.46 0.42~0.46 0.38~0.47

Traditionally, the strength and ductility of alloy often exhibit the opposite behavior, i.e.,
higher tensile strength with lower ductility or lower tensile strength with higher ductility,
which is known as a strength–ductility trade-off [66]. In our case, the bonding joints also
obeyed this rule. The original joint with lower strength exhibited a higher elongation and a
relative one (116%) because the abundant dislocations can be easily activated and move
in the abnormal grains without obstacles, leading to more plastic deformation, while the
modified joint with higher strengths showed a lower elongation due to the fact that the
much more microscopic plastic strain needed to be accommodated, resulting from the
orientation diversity of fine grains with TBs [44]. It is notable that TBs as a low-energy
boundary can improve the tensile strength without sacrificing ductility attributed to their
coherent nature [36,67], which can block or transmit incoming dislocations, depending on
their characterizations, thus providing strength and ductility, respectively [37]. As a result,
although the elongation of the modified joint decreased compared with the original one,
the relative elongation still reached 95.25%.

Different fracture types, i.e., intergranular or intragranular types, were found in the
original and modified joint. It is suggested that the formation of intergranular cracks
(IGCs) strongly depends on the interaction of slip bands with HAGBs, i.e., the piling up of
dislocation at the HAGBs, and strain incompatibilities caused by a Schmid or Taylor factor
mismatch between neighboring grains [68]. When dislocation carried by the slip bands
cannot transfer through a HAGB, localized grain boundary sliding occurs and results in
intergranular cracking [69]. For the original joint, the HAGBs in the bonding region are
the only obstacle to the slips resulting from the absence of TBs, as revealed in Figure 6.
Furthermore, the neighboring grains have similar orientations and Schmid factors, leading
to the slips not being able to transmit and abundant dislocations piling up at the HAGB, as
shown in Figure 7c. Finally, the lattice curvature and stress concentration are attained at
HAGB with increasing global strain, and then the grain boundary crack is promoted and
propagated due to the deformation incompatibility between adjacent grains [22,70]. The
geometric necessary dislocations (GNDs) evolution with increased global strain, shown in
Figure 9c, manifested that the GNDs mainly accumulated at the HAGB, while the GND
density in the interior of the abnormal grain was kept lower all the way, demonstrating
that the lattice curvature or the change in geometric shape mainly developed at the HAGB.
Moreover, the LAGB mainly formed around the HAGB with increasing global strain, as
shown in Figure 9a, and provides additional support.

In addition to the effect of dislocation piling up at the HAGB on the IGCs, it is also
found that IGCs are related to the inclination of the grain boundary plane to the tensile
axis and Schmid factors of the grains adjacent to these grain boundaries. The preferential
formation of IGCs is along grain boundaries perpendicular to the tensile axis and adjacent
to grains with low Schmid factors. The IGCs are then driven by the normal stresses acting
on the grain boundaries [68,71]. For the abnormal grains of the original joint, a higher
fraction of HAGBs are normal to the tensile stress (X direction) due to the grain shape
adjustment during the bonding process; furthermore, the abnormal grains exhibited lower
SFs due to the preferred near <111> orientation, as displayed in Figure 9. As a result,
parts of the IGCs are caused by normal stress exerted on the grain boundaries when the
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tensile processes proceed. Figure 10 shows that grain reference (referred to grain average
orientation) orientation (GROD) for the selected grains in Figure 9 at 15% global strain. The
GRODs in the interior of the grains were smaller than 5◦ (Figure 10g), suggesting a smaller
change in orientations. It is noted that the GROD values at the edges reached the highest
for every grain, as presented in Figure 10a–f, indicating that higher local misorientation and
local strain incompatibility developed at HAGB, and that these locations act as the source
and propagation path for cracks. In conclusion, the original joints exhibit an intergranular
fracture type due to the comprehensive effect of grain orientation and size, grain shape,
and TBs.

Figure 10. The maps of grain reference (referred to grain average orientation) orientation deviation
(GROD) for several grains in Figure 8 at 15% global strain (a–f), and the orientation deviation profile
along specific lines in the interior of the grain (g).
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After the bonding process was modified, grain orientation diversity and the amount
of TBs were introduced to the refined grains in the bonding region. The TBs can either
deflect or block crack propagation, which leads to a meandering zigzag propagation path
in the interior of the grain [38]. As shown in Figure 4(d2,e2), the twin cleavage planes
presented in the fracture surface of BM and the modified joint. More fracture surfaces are
created by such a mechanism to dissipate more imposed strain energy, which is helpful
to gain better fracture resistance. Due to the strain compatibility between grains with
different orientations, and local strain development in the interior of grains under the effect
of TBs, new HAGBs are finally formed in the interior of the grains and develop into cracks;
finally, the intragranular fracture is developed. This mechanism was detailly explained and
discussed in our previous work [44].

Our present work suggests that tailoring newly formed grain size and introducing twin
boundaries, along with eliminating the preferred orientation in the bonding region, can be
an efficient way to improve the mechanical properties of the bonding joint. Furthermore,
integrating TBs and HAGBs could be promising in the development of strong yet ductile
bonding joints.

5. Conclusions

The influence of abnormal grains on the mechanical properties of the FGH96 solid-
state diffusion bonding joint was investigated by SEM-DIC combined with EBSD. Based on
the obtained results, the major conclusions are as follows:

(1) The joint characterized by abnormally large grains with preferred orientation in the
bonding region has low relative (ratio to the matrix) yield strength (88.81%) and
tensile strength (92.54%), but high relative elongation (116.11%). This is attributed to
the easier activated slip systems in the large grains and the absent resistance from the
twin boundaries.

(2) The micro-strain, which accumulates at slip bands, escalates in the bonding region
with larger grains (2.5 times that of the matrix), leading to failure located at the
bonding region. Due to the marginal amount of twin boundaries in this region, the slip
systems are mainly retarded by the high-angle grain boundaries, where concentrated
stress and lattice curvature would occur, leading to the intergranular fracture.

(3) After modifying the welding process, the grains in the bonding region are tailored
to be close to that of the matrix, along with twin boundaries forming inside. The
tensile and yield strength are increased by 100 MPa and 118 MPa, respectively, and
the relative tensile and yield strength reach 98.86% and 99.37%, which results from
the effect of fine-grained strengthening and twin boundaries on the micro-strain
distribution. Furthermore, the fracture mode changes to the intragranular type.

(4) Tailoring the newborn grain size in the bonding region along with introducing twin
boundaries into the grain is an efficient way to improve the mechanical properties of
the bonding joint.
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Abstract: In the present work, the first (1st) and second (2nd) nearest-neighbor interaction energies
are calculated by coupling the microscopic phase-field kinetic model with the calculation of phase
diagrams (CALPHAD) method. The morphological evolution of the γ′ precipitate and the variation
of its atomic ordering parameter for Ni–X (X = Al, Fe, Mn, Pt, or Si) alloys during aging are studied.
The simulation results predict different occupation preferences for solute and solvent atoms in the
γ′ phase, i.e., solute atoms are inclined to occupy the corner sites and solvent atoms tend to occupy
the face sites. In order to understand the precipitation process of the γ′ phase systematically, the
ordering and clustering behaviors of solute atoms are analyzed.

Keywords: microscopic phase-field kinetic model; CALPHAD; ordering behaviors; γ′ precipitates

1. Introduction

The excellent mechanical properties of Ni-based superalloys, which are due to the
precipitation hardening effect by γ′ precipitates, have attracted considerable interest in the
aerospace industry [1–3]. The coherently precipitated γ′ (ordered Ni3X, L12-type structure)
from the disordered γ (face-centered cubic structure) matrix reduces dislocation motion [4].
Since the ordering and clustering processes in Ni-based alloys occur for a very short
time during precipitation [5], it is not enough to obtain effective information only from
experiments using methods such as transmission electron microscopy (TEM) and powder
X-ray diffraction (XRD) [6]. Multi-scale simulation methods have been widely used to study
the microstructures and mechanical behaviors of superalloys [7–9]. Mesoscale phase-field
simulations are useful for describing the co-evolution of massive-phase microstructures
and dislocations, while molecular dynamics and microscopic phase-field methods are
useful for studying mechanisms which require individual-atom resolution. Compared
with molecular dynamics, the microscopic phase-field method has advantages in obtaining
the lattice occupation information based on reliable interatomic interaction energies [10].
The microscopic phase-field kinetic model was first proposed by Khachaturyan [11], based
on the Önsager-type microscopic diffusion equations. Then, it was employed to simulate
the precipitation morphological evolution, including the strain-induced morphological
transformation of coherent precipitates [12], the precipitation mechanism in the ternary
Ni–Al–V alloy [13], and the early precipitation of the δ′(Al3Li) ordered phase [14]. In these
studies, the atomic configurations and the morphologies of the alloys were described by
single-site occupation probability functions Pα(r, t), which represent the probabilities of
finding an atom α on a given lattice site r at a given time t. The initial state corresponds
to the homogenous disordered phase described by Pα(r, t) = cα, where cα is the overall
concentration. When the homogenous phase is quenched to a lower temperature, it becomes
unstable with respect to atomic ordering or clustering, depending on the interatomic
interaction energies in the system [15].
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When simulating the ordering and clustering process in Ni-based superalloys, one
difficulty in coupling the phase-field and calculation of phase diagrams (CALPHAD) meth-
ods [16] is the complexity of deriving the interatomic interaction energy, especially in
multicomponent systems. Meanwhile, for the extension to multicomponent systems, the
interaction energies of high components must be optimally obtained from low components;
therefore, the interaction energy is a key factor that determines the simulation accuracy. To
date, efforts to calculate interaction energies have focused primarily on atomic intercala-
tion [17] and first-principles calculations [18]. However, the key challenge is to obtain the
interaction energy change with temperature and to study the ordering behavior at high
temperature. In order to deal with such problems, a coupling method for the microscopic
phase-field method and the CALPHAD method is developed, which has the potential to be
extended for multicomponent systems.

In the present study, the first (1st) and second (2nd) nearest-neighbor interaction
energies at different temperatures are calculated, based on thermodynamic data obtained
by the CALPHAD method, and the early stage of the γ′ precipitation process is simulated.
The coupling method is applied to predict different occupation probabilities between solute
and solvent atoms in the γ′ phase in Ni–X (X denotes the solute atom: Al, Fe, Mn, Pt,
or Si) alloys. In addition, the ordering and clustering behaviors of the solute atoms are
studied systematically, which enables understanding of the precipitation mechanism of the
γ′ phase. For simplicity, the effect of the elastic strain energy on the two-phase morphology
is ignored.

2. Methodology

2.1. Concentration Wave Representation in γ Solid Solution

In order to deal with the order–disorder transition, a description of atomic occupancy
probability is introduced. In this case, the function n(r), which determines the solute atom
distribution in an ordered phase, can be expanded into a Fourier series, i.e., expressed as a
superposition of static concentration waves. Considering a binary Ni–X (X = Al, Fe, Mn, Pt,
or Si) system, the occupancy probability of solute atoms on the lattice site of Ni3X is [2]:

n(r) = c +
(

η1ei2πa∗1r + η2ei2πa∗2r + η3ei2πa∗3r
)

(1)

or
n(x, y, z) = c +

(
η1ei2πx + η2ei2πy + η3ei2πz

)
(2)

where η1, η2, and η3 are the long-range-order parameters that represent the amplitudes of
the corresponding concentration waves ei2πx, ei2πy, and ei2πz and c is the solute concentra-
tion. There are different values for different lattice sites in the γ phase, i.e., n1 = c + 3η1/4
for all corners and n2 = c − η1/4 for all face centers. In addition, a∗1, a∗2, and a∗3 denote
the reciprocal lattice vectors of the lattice sites along the [100], [010], and [001] directions,
respectively, and

∣∣a∗1∣∣ = |a∗2 | =
∣∣a∗3∣∣ = 1/a0, where a0 is the lattice parameter.

2.2. Helmholtz Free Energy

The Helmholtz free energy of a system based on the mean-field approximation [19–21]
can be written as:

F(T, c, η) =
1

2
[
Vαβ(0) + 3Vαβ(k1)η2

]
c2 +

(
kBT

4

)⎧⎪⎪⎨
⎪⎪⎩

c(1 + 3η)ln(c(1 + 3η))+
[1 − c(1 + 3η)]ln[1 − c(1 + 3η)]+

3c(1 − η)ln(c(1 − η))+
3[1 − c(1 − η)]ln[1 − c(1 − η)]

⎫⎪⎪⎬
⎪⎪⎭ (3)

where kB is the Boltzmann constant, k1 is the wave vector in the <100> direction, and Vαβ(0)
and Vαβ(k1) are the Fourier transforms of the interaction energy between solute atoms at
k = 0 and k = k1, respectively. The interaction energy in γ lattice sites is given by:

Vαβ = 4V1
αβ(cosπh·cosπk + cosπh·cosπl + cosπl·cosπk) + 2V2

αβ(cos2πh + cos2πl + cos2πk) (4)
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where V1
αβ and V2

αβ are the 1st and 2nd nearest-neighbor interaction energies and h, k, and l
relate to the reciprocal lattice:

k =
(
kx, ky, kz

)
= 2π(ha∗1 + ka∗2 + la∗3) (5)

For the γ and γ′ phases in Ni–X (X = Al, Fe, Mn, Pt, or Si) binary systems, the 1st
and 2nd nearest-neighbor interaction energies (V1

αβ and V2
αβ) are much larger than other

parameters, and Vαβ(0) and Vαβ(k1) can be described by:

Vαβ(0) = 12V1
αβ + 6V2

αβ (6)

Vαβ(k1) = −4V1
αβ + 6V2

αβ

2.3. Order Parameter

The value of the order parameter η in Equation (3) should minimize the free energy of
the system:

4cη
∣∣Vαβ(k1)

∣∣
kBT

= ln
{
(1 + 3η)[1 − c(1 − η)]

(1 − η)[1 − c(1 + 3η)]

}
(7)

where η is a function of temperature T. There is no analytical solution for this equation;
it must be solved numerically. For a given T, the γ and γ′ phases become stable at
concentrations cγ and cγ′ , respectively. The equilibrium concentrations cγ and cγ′ are
determined by the common tangent:

[
∂ fγ

∂cγ

]
T
=

[
∂ fγ′

∂cγ′

]
T

(8)

Therefore, the relationship between the equilibrium concentrations and the nearest-
neighbor interaction energies can be expressed as:

Vαβ(0)cγ + 3η2Vαβ(k)cγ′ +

(
kBT

4

)
·

⎧⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎩

(1 + 3η)·ln
{

cγ′ (1+3η)[
1−cγ′ (1+3η)

]
}

+3(1 − η)·ln
{

cγ′ (1−η)[
1−cγ′ (1−η)

]
}
⎫⎪⎪⎪⎪⎬
⎪⎪⎪⎪⎭

− Vαβ(0)cγ − kBT·ln
[

cγ

(1 − cγ)

]
= 0 (9)

2.4. Coupling with CALPHAD to Calculate Interaction Energies

The phase diagram of the binary Ni–Al system can be calculated using the Thermo-
Calc software (Version 2015a. Created by Sundman, Jansson, Ågren et al. Royal Institute of
Technology (KTH), Stockholm, Sweden) [22] with TCNI7, as shown in Figure 1. According
to the phase diagram, for given temperatures T1 and T2, the equilibrium concentrations cγ

1

and cγ
2 of the γ phase and cγ′

1 and cγ′
2 of the γ′ phase tie-lines can be obtained, respectively.

Then the values of Vαβ(0), Vαβ(k), and η can be determined using Equation (9).

2.5. Kinetic Equations

Since for a binary alloy system the sum of the occupation probabilities is unity, i.e.,
PA(r, t) + PB(r, t) = 1.0, only one equation is independent for each lattice site [23]:

dP(r, t)
dt

=
c0(1 − c0)

kBT ∑
r′

L
(
r − r′

) ∂F
∂P(r′, t)

+ ξ(r, t) (10)

where L(r − r′) is the probability of elementary diffusion jumps from r to r′. F is the
Helmholtz free energy. A Langevin noise term ξ(r, t) that satisfies the fluctuation–dissipation
theorem is added, to introduce nucleation.
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Figure 1. The Ni–Al partial binary phase diagram.

There are three assumptions in this methodology description. Firstly, a 3D crystal
structure (fcc) is replaced by a 2D projection, and the influence on the lattice constants
during the ordering transition can be taken into account. Secondly, the 1st and 2nd
interaction energies in Equations (3) and (4) are used to approximate the intersection on
the phase diagram, and the higher-order interactions are ignored. Thirdly, for simplicity,
the lattice diffusion coefficient with respect to the kinetic parameter L is not considered in
Equation (10).

3. Simulation Results and Discussion

3.1. 1st and 2nd Nearest-Neighbor Interaction Energies

The 1st and 2nd nearest-neighbor interaction energies (V1
αβ and V2

αβ) of the Ni–X

(X = Al, Fe, Mn, Pt, or Si) alloy are shown in Figure 2. It is obvious that V1
αβ and V2

αβ increase
with temperature in the Ni–Al alloy, while showing the opposite trend in the Ni–Mn alloy.
There is a small fluctuation in the V2

αβ curve of the Ni–Fe alloy between 620 K and 720 K. In

the Ni–Pt alloy, as the temperature increases, V1
αβ and V2

αβ first increase and then decrease,

with maxima at about 85 meV/atom for V1
αβ and −12 meV/atom for V2

αβ at 612 K. For the

Ni–Si alloy, V1
αβ and V2

αβ are stable at lower temperatures then grow rapidly above 1000 K.
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Figure 2. The 1st and 2nd nearest-neighbor interaction energies (V1
αβ and V2

αβ ) for: (A) Ni–Al;
(B) Ni–Fe; (C) Ni–Mn; (D) Ni–Pt; (E) Ni–Si.

3.2. Morphological Evolution of γ′ Precipitates

Although it is straightforward and desirable to perform three-dimensional (3D) simu-
lations using the microscopic diffusion equations, a two-dimensional (2D) simulation is
much less computationally intensive. In addition, its visualization and the analysis of the
atomic configuration are much easier. Thus, all the results obtained in the present paper
are reported using a 2D projection of a 3D system. This is equivalent to assuming that the
occupation probabilities do not depend on the coordinate z along the [001] axis [12]. The γ′
domain can be identified by the solute atoms arranged in lattice sites, which is consistent
with the projection of the γ′ phase, as shown in Figure 3.

This study focuses on the kinetic simulation of atomic ordering during the annealing
process of the γ phase. The initial concentration of solute atoms in the alloy is c0 = 0.175
atomic fraction, located in the equilibrium two-phase region, and the initial γ phase is
generated by assigning the average concentration to an occupation probability function at
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each lattice site. The simulated supercell consists of 128 × 128 unit cells on the projected
2D square lattice, and the time step is 0.02. The color displayed in the simulation results is
consistent with the occupancy probability. Thus, if the occupancy probability of a solute
atom in any position is 1.0, then the position will be displayed as white; otherwise, it will
be assigned the color blue, and so on.

 

Figure 3. The γ’-phase structure and its projections.

Figure 4 shows the morphological evolution of the Ni–Al, Ni–Fe, Ni–Mn, Ni–Pt, and
Ni–Si alloys versus time t∗ (t∗ is defined as t/Δt, where t is the simulation time and Δt is
the time step) at 1574 K, 686 K, 618 K, 638 K, and 1162 K, respectively. In the initial aging
stage, the atomic ordering process of the γ phase leads to atomic redistribution. As the
segregation of solute atoms in the γ phase occurs, the γ′ phase begins to precipitate from the
matrix γ phase in a circular random distribution, as shown in Figure 4A1–E1, A2–E2. The
interface between the γ and γ′ domains is decentralized. Furthermore, the morphologies
shown in Figure 4A3–E3 illustrate the process of γ′-particle growth, where the small γ′
particles gradually merge with each other and grow, resulting in irregular shapes. Finally,
the two-phase equilibrium of coexisting γ + γ′ is established, as shown in Figure 4A4–E4.

Figure 4. Cont.
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Figure 4. Microstructural evolution at simulation time t* = 2000, 5000, 10,000, and 20,000 for: Ni–Al
at 1574 K (A1–A4); Ni–Fe at 686 K (B1–B4); Ni–Mn at 618 K (C1–C4); Ni–Pt at 638 K (D1–D4); Ni–Si
at 1162 K (E1–E4).

The process of solute-atom migration can be illustrated by the evolution of the solute
concentration, as shown in Figure 5. In Figure 5, the horizontal axis (“Distance”) denotes
the length of a 1D line region assigned in the 2D images. The distribution of solute
concentration in the line region evolves as the ordering proceeds. It can be observed that
the solute atoms are enriched in the γ′ phase and sparsely distributed in the γ phase
boundary. The curves of solute concentration begin with a bulge, then gradually become
stable. Finally, the uppermost domain is widened until the final equilibrium is established,
which corresponds to the coarsening process.
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Figure 5. Variations of the solute concentration with distance for: (A) Ni–Al; (B) Ni–Fe; (C) Ni–Mn;
(D) Ni–Pt; (E) Ni–Si.

3.3. Evolution of Atomic Occupation

Since it is difficult to quantitatively observe the occupancy probabilities of solute
atoms in experiments, incorporating the sublattice models in CALPHAD has become an
essential technique. Based on the equilibrium calculation, the sublattice models can present
the lattice occupation, and the occupancy probabilities of solute atoms at corner and face
sites as a function of aging time are predicted, as shown in Figure 6. At the beginning, there
is no significant change in solute concentration in the incubation period, then the solute
atoms tend to occupy corner sites, contributing to the ordering process of the alloys. In
contrast, the solute concentration at face sites is almost zero, as these sites are occupied by
the solvent atom Ni. Eventually, the solute concentration reaches the equilibrium value;
the value for Al, Mn, Pt, and Si atoms is close to 0.8, while that for Fe atoms is close to 1.0.
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Figure 6. Occupancy probabilities (OCP) of solute atoms for: (A) Al; (B) Fe; (C) Mn; (D) Pt; (E) Si at
corner and face sites as a function of timestep.

3.4. Evolution of Long-Range-Order Parameter and Solute Concentration

In order to study the precipitation mechanism of the γ′ phase, the long-range-order
parameter ηu is introduced [24]:

ηu(i, j) = 1 − Pα
u (i, j)

Pu(i, j)
(11)

This describes the ordering degree with respect to the order parameter. Here, Pα
u (i, j)

and Pu(i, j) are the average occupation probabilities of the alloy element in the α site (face
site) and in the unit cell u (including corner and face sites), respectively. When ηu(i, j) = 1,
this means that alloy atoms are distributed equally at the lattice site (i, j) and around it.
When ηu(i, j) = 0 or Pα

u (i, j) = 0, this means that alloy atoms in the unit cell occupy corner
sites only, so that the lattice is in a completely ordered state. The temporal evolutions
of the long-range parameter and the solute concentration are shown in Figure 7. There
are two stages during aging. Firstly, corresponding to the transitional ordering stage, the
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long-rang-order parameter and the solute concentration rise rapidly, indicating that the
disorder–order transition occurs over time. Then the two-phase equilibrium is established,
and the long-range-order parameter remains stable. From Figure 7, it can be observed that
the long-range-order parameter reaches a steady state earlier than the solute concentration
in all alloys, which indicates that the ordering event of the order parameter occurs first
and is completed within 10,000 timesteps. Interestingly, there is a bump in the solute
concentration during the early stages. This indicates that the solute concentration decreases
slightly during coarsening, then increases to a steady value through uphill diffusion.
Finally, when the solute concentration reaches an equilibrium value, the stoichiometric
Ni3X (X = Al, Fe, Mn, Pt, or Si) precipitates are formed, which corresponds to the migration
of solute atoms from the γ boundary to the γ′ phase. Compared to other alloys, the
clustering behavior of solute atoms in the Ni–Mn alloy (Figure 7C) lags significantly behind
the order parameter, which reveals that the γ′ precipitates formed in the early stage are
supersaturated and unstable, resulting in the solute atom Mn migrating from the γ′ phase
to the boundary.

 

 

 

Figure 7. The temporal evolution of long-range-order parameter and solute concentration for:
(A) Ni–Al; (B) Ni–Fe; (C) Ni–Mn; (D) Ni–Pt; (E) Ni–Si.
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4. Conclusions

The microscopic phase-field kinetic model was used to simulate γ′ precipitation from
the γ matrix phase, and the first and second nearest-neighbor interaction energies were
successfully obtained by employing the CALPHAD method. The following conclusions
are drawn from this work:

1. There were different trends for the first and second nearest-neighbor interaction
energies (V1

αβ and V2
αβ) in Ni–X (X = Al, Fe, Mn, Pt, or Si) alloys. The V1

αβ and V2
αβ values

increased with temperature in the Ni–Al and Ni–Si alloys, while the opposite trend
was seen in the Ni–Fe and Ni–Mn alloys. In the Ni–Pt alloy, the interaction energies
first increased, with maxima at about 85 meV/atom for V1

αβ and −12 meV/atom for

V2
αβ at 612 K, and then decreased with temperature.

2. The morphological evolutions of the Ni–X alloys were simulated. The atomic ordering
contributed to the γ′-phase precipitation from the γ phase, and the segregation and
aggregation behavior of solute atoms in the γ phase greatly influenced the coarsening
and growth process of the γ’ phase.

3. The different occupation probabilities between solute and solvent atoms in the γ′
precipitates were predicted in the binary alloys. The solute atoms tend to occupy
corner sites and the solvent atoms prefer to occupy the face sites. The equilibrium
occupation probability values of Al, Mn, Pt, and Si atoms were close to 0.8, while the
value for Fe atoms was close to 1.0.

4. The temporal evolutions of the long-range parameter and the solute concentration
were simulated to study the precipitation mechanism of the γ′ phase. The results
showed that the long-range-order parameter (nearly 5000 timesteps) reached a steady
state before the solute concentration (nearly 10,000 timesteps) in all alloys, and the
clustering behavior revealed the migration of solute atoms during the precipitation
process.
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Abstract: Nickel-based single-crystal superalloys are widely used in aeroengine hot-end components,
owing to their unique crystal structure and outstanding high-temperature mechanical properties. In
the present study, round rod specimens of different sizes were subjected to high temperature creep
tests at 980 ◦C/300 MPa of a second-generation nickel-based single crystal superalloy. The effect of
size on the creep behavior of nickel-based single-crystal superalloys was studied with reference to
the creep curves and microstructure morphologies. Creep interruption tests of 3-mm micro-round
rod specimens were performed for 30, 60, and 90 h until creep fracture occurred. It was found that
for nickel-based single crystal superalloys, the smaller the diameter of the specimen, the longer
its creep life. Furthermore, the creep fracture morphology showed obvious creep cavitation in the
fracture region. The law of organization evolution was used to analyze the rafting phenomena
during the creep process. A typical “N”-type drifting strip structure was found during the creep
process. Meanwhile, the width of the γ-phase channel increases continuously with creep, and the
rate of change of the width of the matrix phase was fastest at the earliest stage of creep, slowing
significantly during the middle and late stages of creep with the completion and appearance the
rafting phenomenon.

Keywords: nickel based; creep fracture; single crystal; superalloy; high temperature; low cycle fatigue

1. Introduction

The breakthrough of Ni-based single-crystal alloy turbine blade technology has been
crucial for the development of aero-engines. This has resulted in great advancements in
the temperature-bearing capacity of blade materials and engine performance [1–3]. After
decades of development, many milestones have been achieved in the study of the me-
chanical properties of Ni-based single-crystal high-temperature alloy materials [4–6]. The
microstructure of these single crystals exhibits unique morphological characteristics and
positional relationships between the γ phase and the γ matrix. The composition of the
reinforcing γ phase is the metal compound Ni3Al, which is stable at high temperatures and
has a strengthening effect on the mechanical properties of the material [7,8]. Compared
with conventional high-temperature alloys, Ni-based single crystals show eliminated grain
boundaries, reduced regions of crack initiation, and good resistance to high temperatures,
corrosion, fatigue, and oxidation. These properties enable them to be used in large quanti-
ties in the manufacture of aero-engine blades [9]. Ni-based single crystals are anisotropic
materials that exhibit a sensitive crystal orientation dependence [10]. Under unidirectional
stress, they form interesting relationships between crystal orientation, temperature, tensile
state, and strain rate. These properties are different from those of conventional materials;
therefore, new mechanical characterization and modeling methods must be investigated.
To improve the overall performance of aero-engines, it is necessary to increase the reserve
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of mechanical properties of materials and improve their production and processing levels.
In addition, size effects, including sample size [6], grain size [11], contact size [12], and
microstructure characteristic length [13], on the mechanical properties of materials are also
a topic of interest for researchers at present. In terms of mechanics, research to date has
largely focused on creep and fatigue properties. Prastiti [4] and Karamitros [5] studied the
fatigue crack nucleation and crack propagation mechanism of nickel-based single crystal
based on crystal plasticity theory. The model proposed in the literature can accurately
identify the crack nucleation position and predict the crack growth rate and path.

Because aero-engines, especially their hot-end components, are exposed to high tem-
peratures for long periods of time, creep deformation of the material occurs. In a simple
analysis, the accumulation of time at constant temperature and load conditions slowly
leads to the complete deformation of the material [14]. The extraordinary creep properties
of Ni-based single crystals significantly impact the safety index and driving reliability of
aero-engines and are an important reason for their use as engine materials. The properties
of these materials must be studied separately because their mechanical behavior differs
from that of conventional materials.

The creep process of Ni-based single crystals is divided into three main phases [15]:
a short deceleration phase, a steady-state phase, and an accelerated creep phase. The
first and second stages are prolonged when the temperature is lowered or the stress is
reduced, but the three phases of the creep curve remain [16]. There is a close causal
relationship between the creep behavior of Ni-based single crystals and the morphology
of their microstructures. Under prolonged temperature stress, the γ′ phase undergoes
directional coarsening and selectively grows in a given direction according to a certain
pattern, which is a phenomenon specific to the creep of Ni-based single crystals known
as rafting [17]. The rafting phenomenon is an important factor affecting the creep–fatigue
life of nickel-based single crystals. Pollock et al. experimentally investigated the high-
temperature creep properties of CMSX-4 characterized by the directional coarsening of the
γ′ phase, proposed fine-scale factors affecting rafting, and established a relevant rafting
model [18]. Numerous studies have shown that rafting in Ni-based single crystals is closely
related to the magnitude of the test temperature and stress value [19].

Another study noted that the microstructural evolution of Ni-based single crystals
is closely related to both the dislocation structure and dislocation motion of the γ′ phase,
where the edge portion of the γ′ phase grows preferentially and expands slowly to connect
with the surrounding phases, forming a raft-like structure [20]. By observing the kinematic
evolution of a Ni-based single-crystal structure, Pearson et al. found that the directional
diffusion of alloy elements accompanied the raft structure process and that the stress
gradient influenced the alloy creep. It was also noted that the elements within the matrix
and reinforced phases diffused in opposite directions [21]. According to the currently
accepted model, the motion of dislocations during the creep process causes a nonuniform
stress distribution accompanied by a decrease in the energy of the system, and this driving
force is responsible for the directional coarsening of the γ′ phase [22]. Changes in the
structure and morphology of the γ phase strongly influence the creep properties of the
material and determine the macroscopic properties of single-crystal blades in the service
environment [23]. Pearson et al. [21] considered rafting as a hardening process that favors
the properties of Ni-based single crystals and inhibits dislocation. It has also been suggested
that the change in the structure of the γ phase during rafting is softening behavior [24].

Several factors affect the creep properties of Ni-based single-crystal materials. Nu-
merous studies have found that temperature and stress of different magnitudes, crystal
orientation in the principal stress direction, and lattice mismatch play important roles in the
microstructural evolution of Ni-based single crystals [25,26]. Reed et al. conducted creep
tests with different temperature stresses, finding that the γ phase underwent directional
coarsening and rafting only at low-stress states at temperatures greater than 900 ◦C [27].
It was concluded that Ni-based single crystals are more prone to raft deformation at high
temperatures and low stresses, which reduces the critical stress for atomic diffusion. There
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is also a correlation between the crystal orientation and rafting, with significant differences
in the form of creep rafting for the three orientations of Ni-based single crystals [001], [011],
and [111] under uniaxial stress conditions [28–30].

At this stage, most studies on the mechanical behavior and characterization of Ni-
based single crystals, and creep mechanisms in particular, are based on tests conducted
on standard-size specimens. This experimental method outlined in this study provides
an effective analysis route to study the evolution of the creep–fatigue microstructure
of Ni-based single-crystal materials and their creep–fatigue damage life. Unfortunately,
experimenting with standard parts is not economical due to the high cost of Ni-based
single-crystal materials. Nevertheless, it is necessary to develop a creep–fatigue study
method for Ni-based single crystals based on miniature specimens. The reason for this is
that in the strength assessment of some engine blades, specimens need to be cut directly
from the turbine blades, and there are significant dimensional differences between the cut
samples and standard parts. When the Ni-based single-crystal turbine blades are sampled
again, the specimens obtained are often very small. In this study, a small specimen creep
technique was developed based on a domestic single-crystal superalloy. By conducting
high-temperature creep tests, the microstructure of Ni-based single-crystal materials and
its evolution under creep loading were investigated, and the effect of specimen size on
creep performance was analyzed. Furthermore, the creep failure mechanism of differently
sized specimens was revealed from a microscopic perspective. The overarching aim of this
study was to prevent the occurrence of catastrophic events by promoting the development
and application of Ni-based single-crystal materials in China by studying their mechanical
properties and service life at a reduced test cost.

2. Experimental Materials and Methods

2.1. Test Material

The test material used was a second-generation Ni-based single-crystal high-temperature
alloy commonly used in engine turbine blades. The master alloy was melted in a vacuum in-
duction furnace, re-melted in a vacuum directional solidification furnace, and subsequently
poured into a single-crystal test bar. The parent alloy was supplied in the cast state and
subjected to standard heat treatment methods (1290 ◦C, 1 h; 1300 ◦C, 2 h; 1315 ◦C, 4 h/AC;
1120 ◦C, 4 h/AC; 870 ◦C, 32 h/AC), with the crystal orientation in the [001] direction
and the deviation of the crystal orientation controlled to within 10◦. The main elemental
components are listed in Table 1.

Table 1. Composition of the used Ni-based single-crystal superalloy (mass %).

Element C Cr Ni Co W Mo Al Ti Ta Re Nb B Si Hf

Content 0.015 4.0 Excess 9.0 8.0 2.0 5.7 ≤0.10 7.0 2.2 1.0 ≤0.02 ≤0.20 1.0

The initial composition observed by scanning electron microscopy is shown in Figure 1.
The mosaic region in Figure 1a is the γ´ reinforced phase of the alloy, whose main com-
ponent is the metal compound Ni3Al, which is the predominant reason for the excellent
properties of the alloy. The γ´ phase is sterically ordered and co-grid in the γ phase. Us-
ing Image-J image processing software, the volume fraction of the γ’ phase, size of the
reinforced phase, and width of the γ matrix were calculated to be approximately 66%,
0.4–0.6 μm, and 50 nm, respectively. Figure 1b shows the unit cell diagram of Ni-based
single crystal superalloy. Figure 1c indicates a single crystal structure for the samples which
includes a strong peak with a distinct crystalline diffraction line. Figure 1d shows the EDS
composition results.
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Figure 1. Nickel-based single crystal superalloy original sample. (a) microstructure, (b) unit cell,
(c) XRD patterns, and (d) EDS composition results.

2.2. Test Method

A series of round bar specimens of varying sizes were used for the creep tests, which
were divided into standard round bar specimens, round bar specimens, and miniature
round bar specimens, with diameters of 5.0, 3.0, and 2.5 mm, respectively. The specific
dimensions of the specimens are shown in Figure 2a–c, and the physical drawings of the
three different round rod specimens are presented in Figure 2d.

Figure 2. Cont.
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Figure 2. Test pieces of different sizes. (a) Standard test piece with a diameter of 5 mm, (b) round
bar test piece with a diameter of 3 mm, (c) miniature test piece with a diameter of 2.5 mm, and
(d) comparative photograph of the three kinds of test pieces.

The test was conducted in full accordance with the Metal Tensile Creep and Dura-
bility Test Method (GB/T2039-1997), and all creep tests were completed on a CSS-2910
(SINOTEST, Changchun, China) high-temperature creep machine. The entire creep test was
conducted in a high-temperature furnace. The test took place in air, and thermocouples
were used for temperature acquisition. The temperature difference within the specimen
was controlled to within 0.5 ◦C to reduce the test error. Each test started 30 min after the
target temperature was reached.

The test conditions were tailored for the purpose of this study. The effect of specimen
size on the creep properties of Ni-based single crystals was investigated and uniaxial tensile
creep tests were performed at 980 ◦C/300 MPa on three different sizes of specimens with
diameters of 2.5 mm, 3 mm, and 5 mm, respectively, and the corresponding creep curves
were plotted. In particular, the evolution of the microstructure during high-temperature
creep was studied, and creep interruption tests were performed on the 3-mm specimens for
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periods of 30, 60, and 90 h at 980 ◦C. Full-life tests were also performed on 3 mm specimens
at 980 ◦C until specimen fracture occurred.

After the test, small squares and specimen fractures were cut by wire, polished with
sandpaper, and then machine-polished until smooth. Subsequently, the corrosion solution
was prepared, containing a fixed ratio of concentrated HNO3 solution, hydrofluoric acid
(HF), and propanetriol. Finally, the changes in the microstructure and characteristics of the
fracture morphology were observed using a Zeiss scanning electron microscope (SEM, Carl
Zeiss AG, Oberkochen, Germany).

3. Experimental Results and Discussion

3.1. Effect of Size on Creep of Ni-Based Single Crystals

High-temperature creep tests were conducted on specimens of domestic second-
generation single-crystal superalloys of different diameters (2.5, 3, and 5 mm) at 980 ◦C
and 300 MPa. The test conditions and methods were kept the same, and only the specimen
diameters were varied. The creep test results, including creep life, creep fracture strain, and
cross-sectional shrinkage, are listed in Table 2.

Table 2. Creep test results of three sizes of specimens at 980 ◦C/300 MPa.

No.
Specimen

Diameter (mm)
Creep Life (h)

Strain at Break
(%)

Fracture
Shrinkage (%)

A1
2.5

139.22 36.4 26.1
A2 134.19 35.2 24.8
A3 132.34 42.2 25.5

B1
3.0

122.93 43.3 25.6
B2 125.42 42.7 25.3
B3 128.66 38.9 24.4

C1
5.0

108.33 44.6 24.7
C2 111.27 43.4 26.4
C3 109.51 43.8 23.9

From the test results (Table 2 and Figure 3), it can be seen that the miniature specimen
exhibits the longest creep life for constant temperature stress, i.e., 980 ◦C/300 MPa. All
dimensions were tested in triplicate. For the specimen with a diameter of 2.5 mm, the creep
life is 139.22 h, 134.19 h, and 132.34 h, respectively, with little difference. The strains at
break are 36.4%, 35.2%, and 42.2%, respectively, and the strain at break of A3 is larger. The
fracture shrinkage rates are 26.1%, 24.8%, and 25.5%, respectively, with a small difference;
for the specimen with a diameter of 3.0 mm, the creep life is 122.93 h, 125.42 h, and 128.66 h,
respectively. The strains at break are 43.3%, 42.7%, and 38.9%, respectively, and the strain at
break of B3 is smaller. The fracture shrinkage rates are 25.6%, 25.3%, and 24.4%, respectively,
and the difference is small; for the specimen with a diameter of 5.0 mm, the creep life is
108.33 h, 111.27 h, and 109.51 h, respectively. The strains at break are 44.6%, 43.4%, and
43.8%, respectively. The fracture shrinkage rates are 24.7%, 26.4%, and 23.9%, respectively,
and the fracture shrinkage rate of C2 is larger. To sum up, in general, the difference between
the test results is small and within the acceptable range.

The average creep life was found to be approximately 125.67 h, whereas the average
creep life of the 5 mm specimen was approximately 109.7 h. The maximum difference in
creep life between the three specimens was 25.55 h, indicating a clear correlation between
the size of the specimen and its creep life under these test conditions. Overall, the smaller
the specimen size, the longer its creep life. It was also observed that at this temperature
stress, the average strain at fracture of the 2.5-, 3- and 5-mm specimens was approximately
37.9%, 41. 6%, and 43.9%, respectively. This result indicated that the larger the size of the
specimen, the larger the creep fracture strain. In general, the size of the specimen had
no significant effect on the creep fracture strain. After calculating the average shrinkage
rate of each specimen after creep, it was found that there was no significant difference
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in the shrinkage rate of the three different sizes of round bar specimens, which were all
approximately 25%, and obvious necking occurred.

Figure 3. Creep test results of three sizes of specimens at 980 ◦C/300 MPa, where No. A, B, and C
represent tests with specimen diameters of 2.5, 3.0, and 5.0 mm, respectively.

It can be seen from Figure 4 above that the creep curves of all three specimen sizes
show exponential growth at the same temperature stress (980 ◦C/300 MPa). The analysis
shows that the specimen with a diameter of 2.5 mm exhibits three obvious stages of
creep deformation, first presenting a typical initial creep stage, also called the deceleration
creep stage. In this stage, an obvious hardening of the creep process occurs, the creep
strain is generated instantaneously with the loading of the stress, and the creep strain
rate decreases dramatically until it reaches a minimum value. This stage was very short,
lasting approximately 1.5 h, before rapidly entering the second stage of creep. The second
stage is the steady-state creep stage, in which the creep rate remained stable and can be
approximated as a straight line with a gradient of approximately 3.86 × 10−3/h. This stage
lasted approximately 120 h, accounting for 88% of the total creep life, but the strain only
increased by ~0.18. Subsequently, the third stage of creep was entered with a higher creep
rate and shorter time, also known as the accelerated creep stage.

Figure 4. Creep curves of three differently sized specimens at 980 ◦C/300 MPa.

The creep strain rate increased monotonically, with strain increasing to a maximum
value of 35.2%, at which point the specimen showed damage failure. By analyzing the
creep curve for a diameter of 3 mm, it was found that the behavior was still in agreement
with standard creep characteristics. The same short deceleration creep stage was observed,
quickly followed by the stable second stage. This second stage involved ~115 h of slow,
uniform growth, accounting for 90% of the total creep time. In the very short third stage,
the creep strain rate was found to change dramatically in a sharp upward trend and finally
increased to 42.7% at the point of fracture. Analysis of the 5-mm creep curve diameter
shows that the creep strain in the first 5 mm of the third stage is significantly smaller
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than the other two sizes tested. Moreover, there is no obvious first stage, meaning direct
entry into the second stage, when the creep rate is very slow and smooth, with a rate of
approximately 2.41 × 10−3/h. The total time spent in this stage was ~99 h, accounting
for 89% of the total creep time. When entering the third stage, the creep strain increased
significantly from 18% in the second stage to 43.4%, i.e., by a factor of almost 2.4. The creep
strain rate also showed a sharp increase, which finally led to the fracture of the specimen.

Figure 5 shows the microstructural morphology of round bar specimens with diame-
ters of 2.5, 3, and 5 mm near the point of high-temperature creep fracture at 980 ◦C/300
MPa. Figure 5a shows the microstructural morphology of the 2.5-mm diameter specimen,
where the initial cubic γ phase evolves into a slender strip-like raft structure in the hori-
zontal direction after creep (i.e., the classical “N” type raft structure). At this point, the γ

matrix phase channels in the vertical direction were found to almost completely disappear
and those in the horizontal direction fused, forming a single piece with increasing width.
The two adjacent γ phases in the horizontal direction were further elongated and thickened
in the horizontal direction owing to the disappearance of the matrix phase between them,
and the γ′ phases fused on meeting. After approximately 134 h of creep, a small part of the
raft-like structure fractured into fragments. The creeping raft-like structure gradually lost
its ability to resist deformation and appeared to be delaminated, which finally manifested
as macroscopic damage and destruction of the alloy material.

Figure 5. Creep fracture microstructure of specimens with different diameters (a) 2.5 mm, (b) 3 mm
and (c) 5 mm.

Figure 5b shows the SEM images of the 3-mm creep specimen, from which it can
be seen that a creep rafting phenomenon is also evident; however, the coarsening length
of the γ phase in the horizontal direction is larger than that of the former. Although the
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changes in microstructure were similar, the creep time of the specimen was approximately
125 h. The occurrence of the raft shape also accompanies creep fracture, but the degree is
much weaker than that of the former, and there are only a few scattered raft disintegration
structures. Figure 5c shows the microstructure of a standard specimen with a diameter of
5 mm under the same test conditions. The creep life of this specimen was approximately
111 h. Compared with the first two microstructure images, the extension size of the γ phase
along the horizontal direction increased. Furthermore, the connection formed a complete
raft-shaped strip structure with almost no interruption, and the reinforced phases were
connected in bunches and strips. There was no fragmented structure observed, indicating
that the raft shape had not yet formed. Other defects are also visible, such as inclusion
cracks, which are often responsible for creep damage and lead to a significantly shorter
creep life and faster damage.

Figure 5 shows that, for specimens of different sizes, the microscopic morphology
after creep rupture is the key to dominating the creep behavior. For the sample with a
diameter of 2.5 mm (Figure 5a), the strengthening phase γ’ did not completely connect
into a plate shape, and the degree of rafting is small. The channel of the matrix phase γ

is narrow, and its life is longer. For the sample with a diameter of 5.0 mm (Figure 5c), the
strengthening phase has a high degree of rafting, which has been approximately completely
connected into a plate shape. The width of the matrix phase γ channel is wider and there
are obvious holes, which accelerate the creeping, Therefore, larger size specimens have
shorter creep life.

These results indicate that under the given conditions at 980 ◦C, the creep life of
Ni-based single crystal alloys decreases with increasing specimen size. This, in turn,
leads to the difference in the presence and shape of rafts for each size specimen. Thus, it
can be concluded that the size of the specimen is closely related to the morphology and
microstructure of the alloy, and more closely related to the creep persistence performance.

SEM was used to observe the microstructural morphology around the creep fracture
of the superalloy at 980 ◦C/300 MPa, where a large number of crack sources could be seen.
A large, elliptical hole defect can be seen in Figure 6a, and the γ phase near this region has
been oriented and coarsened to form a thinly striped raft-like structure, i.e., an “N”-shaped
raft. The presence of the hole defect interrupts the continuity of the γ phase, resulting in
the raft-like γ phase around the hole being significantly distorted. The hole was identified
as a casting defect in the material that severely disrupted the continuity of the tissue and
thus affected the creep life of the Ni-based superalloy. Similarly, many defects can be seen
in Figure 6b, including cracks, inclusions, and holes. Casting defects are one of the most
important influencers of creep life. Microdefects gradually expand and extend with creep,
leading to a decrease in the effective bearing area of the specimen and an increase in the
actual stress in the cross-section, which eventually leads to creep fracture.

Figure 6. Defect morphology of creep fracture. (a) holes and (b) cracks.
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Figure 7 shows that after a long period of high-temperature creep testing, the surface
of the Ni-based alloy underwent severe oxidation, and a thick oxide layer with bright white
color was formed on the surface of the specimen. A large number of pores and cracks
were observed near the oxide layer, causing a reduction in the finite cross-sectional area.
However, the deformation resistance of the oxides (for example, Al2O3) in the oxide layer is
not equal to that of the base alloy, and the deformation rate of the oxide layer is smaller. The
uncoordinated deformation during creep causes cracks in the oxide layer, which in turn
results in the fracture of the Ni-based single crystal and leads to a reduction in creep life.

Figure 7. Creep fracture oxidation morphology.

In summary, it can be concluded that under the same test conditions, the smaller the
size of the specimen, the longer its creep life. In addition to the errors caused by the test
process, such as the error of the testing machine, test operation, dispersion of test data,
dimension processing, and the analysis of the causes of such differences in test results from
the perspective of creep damage, there are two main influencing factors. First, the casting
defects of the material itself, including cracks, holes, and inclusions, cause a reduction in the
effective bearing area during creep and eventually lead to specimen fracture. The 2.5-mm
specimen, owing to its smaller volume and surface area, benefits from a reduced effective
bearing area caused by the volume of the high-stress area. The possibility of defects or weak
points is reduced, which in turn leads to the creep life of this specimen being extended.
The second is the loss of the effective cross-sectional area due to oxidative corrosion on
the specimen surface, leading to creep fracture due to the incompatible deformation of the
oxide layer and the base alloy. Compared to standard specimens, miniature specimens are
smaller in size, volume, and surface area, and have a smaller area for oxidation loss defects;
therefore, in general, the smaller the specimen size, the longer the creep life.

3.2. Creep Process of Ni-Based Single Crystals at 980 ◦C/300 MPa

Creep interruption tests for periods of 30, 60, and 90 h and complete tests up to
the point of fracture were carried out on Ni-based single-crystal superalloy specimens
at 980 ◦C/300 MPa. These specimens were [001] oriented round bars with a diameter
of 3 mm, whose full creep life curves are shown in Figure 8. The creep deformation is
characteristically divided into three stages. In the first stage, the creep deformation rate
decreased rapidly for a short time, typical of the creep deceleration stage. Contrast analysis
of this creep process showed that this stage, the process of hardening and recovery of
softening in a smooth state, accounts for a large percentage of the overall creep life. This is
followed by a rapid transition to the second stage of creep. During the second stage, the
creep strain grew smoothly and slowly, and the creep rate remained almost constant. At
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a creep time of 60 h, the creep strain was only 0.12. Finally, the third stage of creep was
entered, which is the accelerated creep stage. At this point, the creep rate and creep strain
suddenly and rapidly increased. The fracture occurred at approximately 125 h, at which
point the strain reached 0.43. This additional value was relatively large, which finally led
to the failure and destruction of the specimen.

Figure 8. Creep curve of 3-mm specimen at 980 ◦C/300 MPa.

Numerous studies have shown that the excellent properties of Ni-based single-crystal
high-temperature alloys arise from their unique crystal structure, which changes during the
creep process. To study the evolution of the microstructure during creep, the morphology
of the specimens was observed and analyzed by scanning electron microscopy (SEM) for
different periods of creep: 30, 60, and 90 h, and the final fracture moment.

Figure 9 shows the microstructure morphology of the Ni-based single-crystal super-
alloy at different time points during creep at 980 ◦C/300 MPa test conditions. Figure 9a
shows the microstructure morphology at the beginning of the second stage of creep—that
is, the steady-state creep stage. It can be seen that the γ phase starts to change shape
at this time; it is no longer the original uniform co-grid of the γ phase, and the initial
raft shape occurs. The two γ-reinforced phases that are partially adjacent to each other
are interconnected and show a trend of directional coarsening along the horizontal axis.
Although the reinforced phase γ maintains a block-like structure, its grain size gradually
increases, and the matrix phase passages start to widen. At this time, the size of the rein-
forced phase γ was approximately 0.5–0.6 μm. Figure 9b shows the microstructure of the
superalloy during the middle stage of steady-state creep at 60 h. The two-phase structure
is clearly deformed, the matrix phase channel in the horizontal direction slowly thicker,
and the matrix channel in the vertical direction gradually became thinner or disappeared
completely. The grain size of the γ′ phase has grown to 1.2–1.4 μm, and the surrounding
cubic γ′ phase is passivated and has become round and elliptical. The position of the γ

phase is disordered, and a raft-like structure was observed.
When the creep enters the end of the steady-state phase at 90 h, as shown in Figure 9c,

the degree of deformation of the two γ/γ′ phases intensifies and significant rafting can be
seen to have occurred. The two γ′ phases fuse together, join to form a strip, and continue
to grow in the horizontal direction. The matrix channels in the vertical direction have
completely disappeared, and the coarsening of the matrix phase channels in the horizontal
direction has continued to expand severely, forming a typical “N”-type raft structure. From
the above analysis, it can be seen that when the specimen was in the steady-state creep
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stage, the creep strain and creep rate were very low, and the microstructure indicated
that the initial rafting phenomenon was not very obvious. Only the outcrop and γ phase
morphology did not change significantly, meaning that good creep performance can be
maintained for a long period of time. While rafting was observed in the middle of the
steady-state creep stage, the width of the reinforced phase morphology and the matrix
phase changed significantly; at the end of the steady-state stage, the γ phase coarsened
to form a plate, the rafting phenomenon was complete, and the third stage of creep was
about to be entered. As shown in Figure 9d, the microstructure of the specimen at the point
of fracture was a partially fractured γ phase raft-like strip structure, in which there were
many scattered points. The matrix phase channel almost entirely disappeared.

Figure 9. Tensile creep microstructure morphology at 980 ◦C/300 MPa. (a) 30 h, (b) 60 h, (c) 90 h and
(d) 125 h.

The above analysis shows that the width of the γ-phase channel continuously increases
with the extent of creep during the high-temperature creep process. The γ-phase channel
widths in the microstructural diagrams of the specimens for each process were statistically
calculated using ImageJ image processing software. The statistical results showed that the
sample values of the γ-phase channel widths at different creep moments obeyed a log-
normal distribution. The γ-phase channel widths under tensile creep at 980 ◦C/300 MPa
were fitted according to the mean value combined with the data processing software results,
as shown in Figure 10. It can be observed that the rate of change of matrix phase width

134



Crystals 2022, 12, 592

is fastest at the early creep stage, and this rate of increase slows down significantly in the
middle and late creep stages with the appearance and completion of rafting. The analysis
of the curves shows that the width of the matrix phase channel during creep exhibits a fast
and then slow overall evolution.

Figure 10. Variation of matrix phase channel width at 980 ◦C/300 MPa.

The creep fracture of the specimen at 980 ◦C/300 MPa is shown in Figure 11. The
low-magnification morphology of the creep fracture of the material is shown in Figure 11a,
where the fracture surface is relatively rough and oxidation is more severe. The deformation
mechanism is mainly a diffusion creep mechanism with the directional diffusion of atoms
and vacancies. This can be seen more clearly in the high-magnification image in Figure 11b:
there is obvious creep cavitation in the fracture area with a large number of tough nests of
different sizes. The center of these tough nests is often accompanied by many small holes,
which are generally thought to be the source of crack budding, leading to creeping damage.
Cracks sprout from the defect at the hole and expand radially, sometimes also causing the
appearance of secondary cracks. The material collapses from the inside and finally shows
the fracture pattern of holes and tough nests.

Figure 11. Creep fracture of the ‘micro’ specimen. (a) Low-magnification creep fracture and (b) High-
magnification creep fracture.

During high-temperature creep, a large number of dislocations slip or climb up the
alloy matrix. Some dislocations shear into the reinforced phase, resulting in many holes
near the interface between the matrix and reinforcing phases. This causes cracks to sprout
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and extend to form tough nests. Oxygen is able to enter from the holes and tough nests
and subsequently react with Ni, Al, and other elements during oxidation, destroying the
microstructure of the alloy and thus reducing its creep resistance. The cracks connect and
extend towards each other, gradually forming tearing ribs in the direction of maximum
shear stress, and finally, macroscopic fracture occurs in the late creep stage.

The microstructure morphology near the point of creep fracture of the Ni-based single-
crystal superalloy was observed using SEM, and a large number of crack sources were
found in the creep fracture region of the specimen. As shown in Figure 12a, the cracks
were formed by the expansion of the original casting defects or initial microcracks during
creep. Their expansion direction was perpendicular to the direction of the tensile axis, and
the crack length was approximately 11.3 μm. At this point, the γ/γ phase exhibited an
“N”-type raft structure. The γ phase striped raft structure was partially fractured, with
many scattered points, and the matrix phase passages almost entirely disappeared. The
rafting phenomenon was clearly present. Figure 12b shows the local enlargement of the
crack tip, which is small in size and has a large stress concentration. The raft-like γ phase
in this region is violently deformed with a large degree of tilting, the orientation of the
raft-like γ phase is more disordered, and some small cracks exist in the region surrounding
the crack.

Figure 12. Creep crack shape at 980 ◦C/300 MPa. (a) Full view of the crack and (b) Crack tip.

4. Conclusions

In this study, creep tests were performed on three different sizes of Ni-based single-
crystal specimens under the same test conditions of 980 ◦C/300 MPa. The effect of size on
the creep properties of specimens was analyzed based on the test results and microstructure
morphology observed by SEM. Finally, creep interruption tests were performed at different
time points as well as full-life tests to the point of fracture on another round bar specimen
with a diameter of 3 mm to investigate the evolution of the microstructure during high-
temperature creep. The main conclusions are as follows.

1. Under the same test conditions, the effect of different specimen diameters on the creep
life of Ni-based single crystals followed a clear trend. The smaller the diameter of the
specimen, the longer its creep life. From the perspective of creep damage, the reason
for this difference is that a reduction in specimen size equates to a smaller volume and
surface area, and thus a smaller number and lesser extent of casting and oxidation
loss defects are present. This results in a longer creep life.

2. Microstructure analysis of Ni-based single crystals at different time points during
high-temperature creep shows that the γ phase thickens in the direction perpendicular
to the stress axis, forming a typical “N”-type rafting strip structure. Meanwhile, the
width of the γ-phase channel increases continuously with creep, and the rate of change
of the width of the matrix phase was fastest at the earliest stage of creep, slowing
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significantly during the middle and late stages of creep with the completion and
appearance the rafting phenomenon.

3. The creep fracture morphology showed obvious creep cavitation in the fracture
region of the Ni-based single crystal, and the material started to fail from the inside,
eventually showing holes and a tough-nest fracture morphology.
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