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Editorial

Design, Processing and Characterization of Metals and Alloys

Qinghuan Huo

School of Materials Science and Engineering, Central South University, Changsha 410083, China;
huoqinghuan@csu.edu.cn

The present Special Issue entitled “Design, Processing and Characterization of Metals
and Alloys” aims to report the close relation among composition design, plastic processing,
microstructure characterization of all metals and alloys such as iron, steel, Ti alloy and
Mg alloy. In addition, this Special Issue also focuses on the improvement of mechanical
properties and the optimization of service performance.

The work conducted by Suman et al. (contribution 1) provides valuable insights for
optimizing high-chromium cast irons to enhance material performance and durability in
demanding erosive environments by tailoring carbide distribution to specific operational
conditions. In the studies on steel and multi-component alloys (contributions 2–4), the
microstructure characterizations and macroscopic calculations are carried out to reveal the
effect of metallurgical processes on mechanical properties. The microstructure evolutions of
Ti alloy during hot processing and relevant methods for enhancing mechanical properties
are also deeply studied by researchers (contributions 5,6). Their results point out that
the particle-reinforced thought can be successfully applied to the dual-phase Ti alloy.
Considering the low strength of present Mg alloys (contribution 7), lamellar structure is
induced on the basis of the Mg-Gd series and excellent tensile results are achieved. Focusing
on the high cost of rare-earth elements used for processing Mg alloys (contribution 8), die
casting is also put forward for producing Mg-based materials.

Therefore, the close relations among design, processing and characterization of metals
and alloys are provided in this Special Issue. We believe that the new information and
innovations can be provided to researchers in Materials Science and Engineering. We
welcome researchers to cite the publications in this Special Issue.

Funding: This research was funded by the Science and Technology Innovation Program of Hunan
Province, grant number 2024RC3010.

Conflicts of Interest: The author declares no conflicts of interest.
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Mechanical and Metallurgical Characterization of Advance High
Strength Steel Q&P1180 Produced by Two Different Suppliers
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Abstract: Through mechanical analysis, a comparison of the same type of cold rolled steel
produced by two steel manufacturers, supplier 1 and supplier 2, has been carried out.
The considered material is a steel that has undergone a quenching and partitioning heat
treatment, i.e., a rapid cooling from the austenitizing temperature, followed by a holding
treatment at a suitable temperature, so that the residual austenite is stabilized at room
temperature. The following tests for mechanical properties were carried out: formability,
through Nakajima test, tensile test, bending test, hole expansion test and fatigue strength
analysis, through high cycle fatigue and low cycle fatigue test. In addition, to derive useful
data for future simulations, tensile and Nakajima tests were analyzed by digital image
correlation, which uses a monochrome camera to capture frames during the test, in order
to analyze local deformations on investigated samples. Finite elements modeling has been
carried out. A suitable calibration of a material card for the Abaqus Finite Element Analysis
software has been performed. Through the combination of obtained results, a rational
comparison of the two analyzed products has been obtained.

Keywords: quenching and partitioning steel; advance high strength steel; automotive
applications

1. Introduction

Dual Phases (DP) steel was developed to produce thin, strong automotive steel sheets
to improve fuel economy and to reduce gas emissions. DP, martensite/ferrite, steels are
amongst the first advanced high strength steels (AHSS) developed for cold formed sheet
applications in the automotive sector [1]. DP steels are high-strength steels with a high-
volume fraction of martensite. This steel grade has high strength but low elongation and,
consequently, poor formability, which limits its application for automotive sheet metal.
As reported in ref. [2], which considers DPs by comparing them with third-generation
AHSS steels, DPs have half the elongation (7.8% vs. 18.0%). The third-generation AHSS
take advantage of the austenite-to-martensite transformation to improve hardening and
retard material instability during deformation. It is also observed that, for the same tensile
strength, third-generation steels exhibit higher ductility than DPs, indicating favorable

Metals 2025, 15, 301 https://doi.org/10.3390/met15030301
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behavior in advanced stamping processes. To avoid the elongation problem, transformation-
induced plasticity (TRIP) steels, which show high formability, can be considered. As
shown in refs. [3,4], this grade of steel has a microstructure composed of ferrite (soft and
ductile), bainite (which confers strength) and retained austenite, which, during deformation,
transforms into martensite, further improving strength. This phenomenon is called the
TRIP effect, which is the transformation of austenite into martensite under deformation,
that generally increases the strength of the material, improving performance during cold
forming. TRIP steels offer an exceptional combination of high mechanical strength and
good ductility due to their microstructure.

However, the tensile strength of TRIP steels is lower than that of DP steels. To produce
metallic materials with suitable mechanical properties for improving automotive safety
and energy saving, a new type of steel called quenching and partitioning (Q&P) has been
developed in recent years [5]. The idea behind this new family of steels is the so-called
“quenching and partitioning” process, which consists of the diffusion of carbon from
martensite to retained austenite (RA) for its stabilization. The aim is to produce steels in
which significant fractions of appropriately localized RA are present in a martensitic matrix.
In Q&P steels, the martensite has the scope to improve the tensile strength, while the RA
increases the elongation. The presence of RA between martensite platelets improves the
ability of grain boundaries to hinder the movement of dislocations, thus increasing strength
and work hardening. Results are steels with tensile strengths above 1200 MPa combined
with high ductility, i.e., an elongation higher than 14% [6].

The Q&P steel grade is subjected to a quenching and partitioning heat treatment,
where there is initially complete austenization, by an increase in temperature, followed by
quenching and isothermal maintenance with a cooling rate greater than 50 ◦C/s between
the martensite start (Ms) and martensite finish (Mf) temperature [7,8]. The consequence of
this heat treatment is the formation of a partially hardened martensitic or bainitic matrix
(Figure 1) [6]. During isothermal maintenance (partition phase), carbon diffuses into the
residual austenite leading to the enrichment of the latter [9]. This step allows the residual
austenite to be stabilized at room temperature.

Figure 1. Q&P thermal process. ANN: Annealing Temperature; QT: Quenching Temperature; PT:
Partitioning Temperature; MS: Martensite start temperature; MF: Martensite finish temperature;
Ci, Cγ, and Cm are the carbon contents in the initial alloy, austenite, and martensite, respectively.
Reprinted from Ref. [10].

The Q&P steel is normally composed of carbon-depleted martensite and carbon-
enriched retained austenite after full austenization. This microstructure allows for a high
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strength and ductility that can outperform those of DP steels [11]. Q&P steels own an
excellent combination of strength and overall deformability, but the high carbon content
reduces weldability. This steel grade enjoys properties that allow it to be used as a substitute
for DP in the manufacture of molded parts, due to its higher edge strength.

Challenging mechanical properties generally require alloy steels, which are very ex-
pensive, but may significantly decrease the vehicle weight. Q&P steels, which contain a
small amount of alloying elements, could limit the cost of raw materials, though reducing
fuel consumption and thus, carbon dioxide emissions [12]. This study analyzes the me-
chanical and microstructural properties of a Q&P steel produced by two different suppliers,
with the aim of evaluating its potential application in the automotive sector.

2. Materials and Methods

The characterization of materials plays a crucial role in the design and development of
automotive components. Through the use of mechanical tests, valuable information can be
obtained to characterize and validate the application of materials in the automotive field,
such as mechanical strength, sheet metal formability, and behavior under dynamic loads,
which are essential elements to meet the increasingly stringent demands of the industry.

2.1. Selected Q&P Steels

Q&P1180 steel is named for the ultimate tensile strength, in this case 1180 MPa. The
plates analyzed came from two international steel suppliers, both with global supply
capabilities. For production reasons of the two suppliers, obtained samples have two
different thicknesses. For supplier 1, the thickness is 1.67 mm, while, for supplier 2, it is
2.0 mm.

Table 1 shows the range of chemical compositions of Q&P1180 steels produced by the
two different suppliers.

Table 1. Chemical composition range (wt%) of Q&P1180 steels provided by supplier 1 and supplier 2.

Supplier C Si Mn Al Cu Ti + Nb Ni + Cr + Mo P S B

1 min 0.18 1.6 2.6 0.01 0.00 0.01 0.05 0.00 0.000 0.001

1 max 0.20 1.8 3.0 0.06 0.05 0.05 0.20 0.01 0.010 0.005

2 min 0.10 1.2 2.2 0.02 0.00 0.02 0.06 0.00 0.001 0.000

2 max 0.16 1.9 3.3 0.04 0.01 0.03 0.09 0.01 0.003 0.001

The heat treatment is aligned with that already reported in the study covered in ref. [6],
for which there is an annealing temperature of about 870 ◦C, quenching temperature of
about 300 ◦C and partitioning temperature of about 400 ◦C. Following these annealing
temperatures, the carbon content of RA increases [6].

The chemical composition of steel from suppliers 1 and 2 are similar to the Q&P grades
studied by Xia et al. [13]. As it is possible to observe, the composition of steel obtained from
supplier 2 has less C and Si, if compared with that provided by supplier 1. This difference
facilitates the welding operation, because of the lower carbon equivalent value, but it leads
to the requirement of faster cooling during production in the steel mill.

2.2. Microstructural and Chemical Analysis

Microstructural analysis was obtained by a Reichert–Jung MeF3 M 1 optical micro-
scope, using UNI 3244:1966 [14] to evaluate nonmetallic inclusions in steels. Nittal 3%
reagent was used to reveal the microstructure, as indicated in ASTM E407-07 (reapproved
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2015) [15]. For quantitative chemical analysis, OES-Quantometer-ARL3460 was used as
the instrument.

2.3. Mechanical Tests
2.3.1. Bending Test

The VDA 238-100 [16] bend test was used to characterize the deformability and fracture
limits of metal sheets, subjected to bending under severe plane strain conditions. This
test is particularly important for the selection of advanced high-strength steels for energy-
absorbing structural components [17]. The bending angle is the principal result obtained
from this test. It is calculated by dividing the vertical deformation (difference between
initial and final height of the point of load application) by the length of the sample. The
universal tensile machine Sun 20 from Galdabini was used to obtain the bending value.

2.3.2. Formability Test

The Formability Test (FLD), according to ISO 12004 [18] allowed the formability of
metal sheets to be evaluated. The FLD test determines the material failure limit through
the formability limit curve (FLC), which is determined by cupping tests on sheet metal
test specimens. Six different geometries (Figure 2) have been used for each strain state,
going from a thin useful stretch for uniaxial study to a round one for biaxial deformations.
These tests can be performed using hemispherical or flat punches, such as those defined by
the Nakajima or Marciniak methods. The maximum deformations of the various types of
specimens define the limit formability curve of the material [19]. The Hydraulic Erichseen
machine was used to obtain FLD results.

Figure 2. Samples used in the formability test.

2.3.3. Hole Expansion Test

The Hole Expansion Test (HET) was used to determine the ductility of perforated
plates, by quantifying the elongation capacity of the edge. High values of the hole expansion
ratio are associated with steel grades with improved local formability. The sample that
contains the hole is blocked in place, and a conical punch expands the initial hole. The test
stops when a crack is observed through the thickness or when there is a decrease in load
above a critical threshold. Hole expansion ratio (HER), also called hole expansion capacity
(HEC), is the percent expansion of the initial hole diameter, usually denoted by the Greek
letter lambda, λ. The Hydraulic Erichsen machine was used to obtain FLD results.

2.3.4. Fatigue Test

To evaluate the High Cycle Fatigue (HCF) behavior, fatigue tests are conducted in
the longitudinal orientation to the rolling direction on hourglass specimens according to
ISO 1099 [20]. The sample had a stress concentrator factor kt = 1.06. Cut edges have been
smoothed off using abrasive papers to minimize the effect of the sample machining on
the fatigue response. Fully reversed axial fatigue tests (stress ratio R = −1) have been
carried out under load control, by using a RUMUL resonant fatigue machine, at a nominal
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frequency of 100 Hz. Antibuckling guides have been used to prevent buckling in the fully
reversed fatigue tests.

Data analysis has been performed, combining finite life and endurance limit testing.
The endurance limit corresponding to a fatigue life of 5 × 106 cycles is based on staircase
testing method following ISO 12107/UNI 3964 [21] std., employing 15 samples and 5 MPa
stress increments. Median (R50) and reliability of 90% (R90) values for endurance limit
have been evaluated following ISO-12107/UNI3964 std. Reliability of 90% and confidence
of 90% (R90C90) values for endurance limit were evaluated by using the Dixon–Mood
method. The output data are the following: endurance limit R50 (SA

SC
R50), endurance limit

R90 (SA
SC

R90), and endurance limit R90C90 (SA
SC

R90C90).
The medium-to-high-cycle fatigue life in the range between nearly 6 × 104 and 1 × 106

cycles was explored at various load levels, using up to four samples for each of them. The
generation of the finite life portion of the median SN curves was obtained by a linear regression
(Least Squares Analysis) in logarithmic coordinates of the experimental data according to
Equation (1):

Sa = SA

(
NA
Nf

) 1
k

(1)

where Sa is the engineering stress amplitude, SA is the fatigue strength at knee of SN curve,
NA is the fatigue life at knee given by the intersection of the median finite life curve and
the median endurance limit, Nf is number of cycles, and k is the slope factor of SN curve.
The curve, representing a reliability of 90% (R90) was calculated by using the probability
coefficients corresponding to a normal distribution (inverse of standard normal distribution
based on reliability level of interest). The design curve, representing a reliability of 90%
and a confidence of 90% (R90C90), was calculated using the modified Owen’s approach.
It was assumed that the design SN curve (R90C90) has the same slope as the median SN
curve (R50). The output data are the following: fatigue strength at knee of SN curve R50
(SA

SN
R50), fatigue strength at knee of SN curve R90 (SA

SN
R90), fatigue strength at knee of

SN curve R90C90 (SA
SN

R90C90), fatigue life at knee of SN curve (NA) and slope factor of SN
curve (k).

To evaluate the Low Cycle Fatigue (LCF) behavior, fatigue tests have been conducted
in the longitudinal orientation to the rolling direction on constant cross section specimens,
according to ISO 12106 [22]. Cut edges have been smoothed off using abrasive papers
to minimize the effect of the sample machining on the fatigue response. Fully reversed
axial fatigue tests (strain ratio R = −1) were carried out under strain control by using an
MTS servo hydraulic fatigue machine at a constant strain rate. Antibuckling guides were
used to prevent buckling in the fully reversed fatigue tests. To define the strain–life curve,
Morrow’s equation (Equation (2)) was used [11]:

εa =
σ′

f

E

(
2Nf

)b
+ ε′ f

(
2Nf

)c
(2)

where σ′f is the fatigue strength coefficient, b is the fatigue strength exponent, ε′f is the
fatigue ductility coefficient, c is the fatigue ductility exponent, E is the average cyclic
modulus of elasticity and 2Nf is the number of reversals. The σf

′ and b parameters
represent the median stress–life curve (Basquin’s equation) and εf

′ and c represent the
median plastic strain–life curve (Coffin-Manson equation). The design strain–life curves,
representing a reliability of 90% and confidence of 90%, have been calculated using the
modified Owen’s approach. The output data are the following: fatigue strength coefficient
R90C90 (σ′f,R90C90) and fatigue ductility coefficient R90C90 (ε′f,R90C90).
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2.3.5. Tensile Test

The tensile test on the selected specimens was performed with a Sun 20 equipment
from Galdabini (Cardano al Campo, VA, Italy), with a maximum load capacity of 200 kN
tensile force, according to ISO 6892-1:2019 [23]. During the tensile tests, characterizations
were performed to study the triaxiality of the material. To obtain this information, samples
having different geometries, able to experience different stresses in the useful sections,
were prepared. Investigated geometries are reported in Figure 3, and they can be defined
as follows:

(a) dog-bone samples at L0 50: a classical tensile specimen subjected to σ load parallel to
the movement of the traverse race;

(b) notched samples: a specimen with specular notches placed in the center of the useful
section to simulate a point of greatest concentration of stresses during tension;

(c) shear samples: specimens having at the center of the useful section a portion of
material perpendicular to the traverse race that is subjected to purely shear stress τ
during the test.

Figure 3. Sample geometries: (a) dog bone, (b) notch and (c) shear; all dimensions are in mm.

The output data are the following: yield strength (Rp0.2), ultimate tensile strength
(Rm), and elongation (A).

2.4. Virtual Simulation and Finite Elements Analysis

To collect data regarding the global and local deformation of the specimens during
the test, the Digital Image Correlation (DIC) method was applied, using a monochrome
camera. This was performed by collecting the various images (frames) taken by the camera
while pulling the specimens at a rate of 2 mm/min.

Regarding virtual testing by means of a Finite Elements Analysis (FEA), it has to be
considered that, during the design phases of vehicle structures, Computer-Aided Engineer-
ing (CAE) tools are normally used to carry out strength checks and damage prediction
of components subjected to various load conditions, typical of vehicle operations (static,
fatigue, thermo-mechanical, crash, etc.). To develop a FEA, it is necessary to employ ana-
lytical models that describe how the material deforms under the action of external loads.
Typically, models are chosen to trace the stress and strain patterns that the material exhibits
during a standard experimental test. For all metallic and nonmetallic materials, the chal-
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lenge is to define analytical laws that correlate well with the plastic regime of the material
and with the damage and ultimate failure phase. For metallic materials in particular, an
appropriate yield function must be defined based on the hardening characteristics of the
material. This approach is useful, for example, to calibrate the analytical model to the ex-
perimental data. The result of the calibration process is a material card that can be used for
strength verification through FEA analysis of vehicle systems and components made from
the analyzed material. The FEA analysis was carried out on the three types of specimens,
as shown in Figure 4. Considering the small thickness, which leads to the assumption of
a plane stress state, a two-dimensional model was realized for each specimen, with an
appropriate refining of the computational grid to capture the variation of stresses in the
plane, as reported in Figure 4. In terms of boundary conditions, a simulation mimicking
the experimental test was performed, namely, controlling the displacement with one end of
the sample clamped (Δ) and imposing a quasi-static displacement on the opposite end (D)
(Figure 4).

Figure 4. Samples recreated for simulation and their boundary conditions: (a) dog bone sample,
(b) notch sample, and (c) shear sample. Δ is the clamped side, and D is the direction of the tensile force.

The experimental stress–strain curve obtained from the tensile tests was referred to
each geometry for the simulation. From an analytical point of view, two approaches were
used simultaneously:

1. In the first approach, the hardening behavior was analyzed using the Swift–Voce
hardening equation for the tensile specimens, while a Johnson–Cook model was used
for the notch and shear specimens.

2. In the second approach, considering the last section of the σ–ε curve, for an efficient
calibration of the numerical techniques, it was necessary to define the parameters
of a progressive damage mechanics model. Figure 5 shows a depiction of the pro-
gressive damage model. In this type of modeling, it is necessary to define a damage
initiation criterion that defines the point at which the stiffness of the material begins
to degrade [24]. The ductile criterion, which is useful for damage initiation due
to the nucleation and growth or the coalescence of voids, assumes that the plastic
deformation at damage initiation is a function of stress triaxiality and strain rate. The
material behavior is described as undamaged up to point d (Figure 5). Therefore, only
the Swift–Voice (or Johnson–Cook) model will work in this section. Subsequently,
depending on the local triaxial stress, damage starts at point d and progresses to
complete failure in section d–e.
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Figure 5. Graphic depiction of the progressive damage method. (a) starting point of tensile test,
(b) end of elastic behavior, (c) starting point of plastic behavior, (d) damage starts, (e) complete failure
of sample, (e′) end of test in ipotetical true curve without damage condition.

The calibration procedure has been carried out according to the following stages:

• convert engineering stress–strain curve to true curve;
• extract only the plastic part of the stress–strain curve true;
• calibration of an analytical model on the plastic part of the true stress–strain curve.
• define the parameters of the damage initiation and evolution starting from experimen-

tal data;
• preparation of the FEM model of the sample;
• apply load to specimen, determine stress–strain curve and compare to experimental curve;
• adjust the parameters of the analytical model and damage initiation and evolution,

repeat the running of the simulation, and compare again with the experimental data
until the desired correlation quality is obtained.

The program employed for virtual testing was Abaqus 2022 FEA software.
The Swift model (Equation (3)) aims to model the plastic behavior of the material

in the early part of the strain hardening curve by considering the rapid work hardening
that the material achieves, whereas the Voce model (Equation (4)) focuses more on the
acquisition of stress saturation as deformation increases in materials that show a clear
asymptotic behavior near the maximum stress. To calibrate the analytical model on the
plastic section of the stress–strain curves, a combination of two approximation models,
namely Swift and Voice (Equation (5)), was used, as implemented for the simulation in the
software. The set of equations to be considered is therefore:

Swift model : σsw = A
(
εp + ε0

)n (3)

Voce model : σV = σ0 + Q
(

1 − e−βεp
)

(4)

Swift–Voce model : σSw−V = (1 − α)σV + ασsw (5)

where

• σsw is the flow stress for the Swift model,
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• σv is the flow stress for the voce model,
• A is strength coefficient,
• εp is the true plastic strain,
• ε0 is the residual deformation due to the sheet metal forming process,
• n is the Swift hardening exponent, indicating how rapidly the material strengthens

with plastic deformation,
• β is the Voce hardening parameter, which controls the saturation behavior of the

stress-strain curve.
• Q in approximate way is the differences between yield stress and the stress at satura-

tion
• α is the coefficient that combines the swift and voce model.

Another analytical model used is the Johnson–Cook hardening model. The Johnson–
Cook model aims to provide an accurate description of the behavior of materials under
dynamic loading conditions, considering variations in temperature and strain rate without
considering the thermal effect of the hardening part of the Johnson–Cook model that
specifically describes how the flow stress of a material evolves with plastic deformation. It
is given by the following formula (Equation (6)):

σ = A + Bεn (6)

where

• σ is the flow stress.
• A is the initial yield stress.
• B is the strain hardening coefficient.
• ε is the plastic strain.
• n is the strain hardening exponent.

For simulations, an isotropic hardening model was used in which the hardening
surface of the material changes size uniformly in all directions. In this way, stress increases
or decreases in all directions.

3. Results and Discussion

3.1. Q&P 1180 Microstructure Analysis

Figure 6 shows the optical micrography of Q&P1180 obtained from supplier 1 (a) and
supplier 2 (b). In both cases, a matrix of tempered martensite is observed, with traces of
residual austenite RA (marked with arrows in the photos). The observed microstructures
confirm a proper cooling process during production, although the chemical compositions
show some differences, as mentioned earlier. The microstructure is comparable with those
observed by Xia et al. [13], Nyyssönen et al. [25], and Kaar et al. [26].

3.2. Formability

Results on HET and bending test are reported in Table 2. For the HET test, 30 samples
were examined for each supplier and an average strain value slightly higher for the Q&P
1180 obtained from supplier 1 has been obtained. A similar range for the bending angle α

can be observed by both suppliers after the testing of five samples each. The HET results of
both Q&P1180 steels are higher than DP1180 [27] proving the good flangiability of this new
steel family compared to the currents.
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(a) (b) 

Figure 6. Micrography of Q&P1180 obtained from (a) supplier 1 and (b) supplier 2. The top images
are at 500× magnification, those below at 1000× magnification. RA represents the retained austenite.

Table 2. HET and bending test results for Q&P 1180 steels obtained from different suppliers.

Supplier 1 Supplier 2

HET Av. strain % = 34.0 Av strain % = 28.0

Bending α = 152 ÷ 155 α = 152 ÷ 154

FLD0 0.134 0.144

Through the Nakajima test, which provides the ability of the plates to deform to the
point of failure, FLC was obtained for both materials, using a set of six geometries—five
samples for each one–and results are shown in Figure 7. The lowest point of the FLD curve
(FLD0) is reported in Table 2. It can be observed that the two materials obtained from
different suppliers show similar trends for different sample geometries, with a slightly
higher strain value before the cracking of the steel obtained from supplier 2. This difference
can be associated with the different thicknesses of the samples. In fact, by increasing the
thickness, the necking phase is extended before the crack nucleation and propagation
into the sample. It can be concluded that the formability of Q&P1180 steel obtained from
supplier 1 is comparable with that of the steel provided by supplier 2. In Figure 7, the
comparison with a conventional Dual Phase 980 steel grade (DP980), which has 980 MPa
minimum of tensile strength, is also reported. It is possible to observe that QP1180 grades
have a similar formability compared to DP980, even if the tensile and yield strengths are
higher. This result proves the better forming behavior of the new steel family compared to
the conventional ones.
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Figure 7. Formability limit curves for Q&P1180 steels obtained from supplier 1 and supplier 2.
Results obtained for a conventional Dual Phase 980 steel grade are reported for comparison.

3.3. Fatigue

To study the fatigue behavior of investigated materials, the analysis was carried out
for both HCF and LCF. This analysis required 2 HCF and 2 LCF characterizations involving
110 samples. Results of HCF are reported in Figures 8 and 9, that show the S-N curves
obtained for samples provided by supplier 1 and supplier 2, respectively. Obtained values
are summarized in Table 3.

 

Figure 8. Woehler’s curve in HCF for Q&P1180 steel obtained from supplier 1.

13



Metals 2025, 15, 301

 

Figure 9. Woehler’s curve in HCF for Q&P1180 steel obtained from supplier 2.

Table 3. Woehler’s curves parameters of samples provided by supplier 1 and supplier 2.

Steel Stair-Case Constant of S-N Curve

Name
SA

SC [MPa]
S.D. [MPa]

SA
SN [MPa]

NA [Cycles] k
R50 R90 R90C90 R50 R90 R90C90

Supplier 1 403.2 398.7 395.0 3.5 403.2 388.5 383.0 965,692 10.92

Supplier 2 416.7 401.1 386.3 9.1 416.7 401.4 394.1 783,807 10.13

The HCF behavior of the tested steels is quite similar (Table 3). Both S-N curves have
the same slope factor (k) and close fatigue life at knee (NA). The steel produced by supplier
2 has a little higher endurance limit R50 with respect to that provided by supplier 1, but it
also has a higher scattering, which leads to a lower endurance limit, considering a reliability
of 90% (R90) and reliability and confidence of 90% (R90C90).

Concerning LCF measurements, Figures 10 and 11 show results obtained for samples
provided by supplier 1 and supplier 2, respectively. Obtained values are summarized in
Table 4.

Looking to a comparison of LCF results for tested steels (Table 4), it is possible to
highlight that, in the elastic field, for high levels of number of cycles, the Q&P1180 obtained
from supplier 1 shows better behavior in terms of performance than that provided from
supplier 2. However, as the strain amplitude increases until it reaches the value of 0.5%,
the difference between the two materials falls to zero, while, for levels of strain amplitude
higher than 0.5%, there is a reversed trend, so that the material obtained from supplier 2
shows better performance than that provided by supplier 1. This result may be attributed
to the different static properties of the two materials. Specifically, an examination of the
static tensile curves reveals that the steel from supplier 2 exhibits higher load values
than that provided by supplier 1 near the yield point. This characteristic contributes to
a reduced fatigue life under conditions of equivalent imposed deformation. Conversely,

14



Metals 2025, 15, 301

with increasing deformation, the more pronounced softening observed in the material from
supplier 2, compared to that obtained from supplier 1, accounts for its extended fatigue life.
The gap between the R50 and R90C90 of fatigue strength coefficient and fatigue ductility
coefficient indicates a similar level in terms of statistical dispersion of experimental results
for both materials.

 

Figure 10. Morrow’s curve in LCF for Q&P1180 steel obtained from supplier 1.

 

Figure 11. Morrow’s curve in LCF for Q&P1180 steel obtained from supplier 2.
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Table 4. Morrow’s curves parameters of samples provided by supplier 1 and supplier 2.

Steel Morrow’s Curve Parameters

Name E [GPa]
Fatigue Strength Coefficient

[MPa]
Fatigue Strength

Exponent
Fatigue Ductility Coefficient Fatigue Ductility

σ′
t σ′

f,R90C90 b ε′f ε′f,R90C90 c

Supplier 1 196.4 2881 2649 −0.140 2.145 1.791 −0.831

Supplier 2 196.7 3975 3625 −0.173 11.95 8.734 −1.027

It can be concluded that the experimental data do not highlight significant differences
on fatigue properties between materials provided by the two suppliers.

3.4. Tensile Test

The mechanical properties were evaluated for dog-bone samples subjected to uniaxial
loading. Specimens obtained in the three directions in relation to the rolling direction were
tested to observe possible anisotropy. Five samples were tested for each orientation and
then the curve that best approximated the test group was considered. Results are reported
in Figures 12–14 for tests performed in longitudinal, diagonal, and transversal direction,
respectively. Obtained data are summarized in Table 5.

From obtained results of tensile tests, it is observed that the values of mechanical
properties are comparable with the typical values observed for Q&P steels, as reported in
ref. [2], i.e., Rp about 900–1000 MPa, Rm about 1150–1230 MPa, and A about 5–19%. The
tensile curves, in all examined directions, exhibit higher stress values at low deformation for
the steel provided by supplier 2 compared to that obtained from supplier 1. This behavior
may be attributed to variations in the deformation applied during the rolling process or
differences in the time or temperature conditions during the annealing process. This type of
behavior has a positive aspect, as previously observed, for the fatigue properties, although
it limits the material’s elongation.

 

Figure 12. Tensile test of samples obtained from different suppliers measured along the longitudinal
direction with respect to the rolling one.
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Figure 13. Tensile test of samples obtained from different suppliers measured along the diagonal
direction with respect to the rolling one.

 

Figure 14. Tensile test of samples obtained from different suppliers measured along the transversal
direction with respect to the rolling one.
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Table 5. Mechanical properties of samples provided by supplier 1 and supplier 2.

Sample vs. Rolling Direct Steelmaker
Rp0.2 Rm A
MPa MPa %

Longitudinal Supplier 1 936 1204 14.1

Supplier 2 931 1217 13.9

Diagonal (45◦) Supplier 1 952 1177 16.5

Supplier 2 980 1219 14.0

Transversal (90◦) Supplier 1 901 1193 15.3

Supplier 2 924 1218 13.0

3.5. Simulations

Since the two materials are comparable mechanically, one of the two was selected for
virtual simulation in order to observe the most appropriate numerical model to convert
the experimental stress and strain values into true values. Five samples were tested for
each geometry. In the case of dog-bone and notch samples, for the comparison between
the experimental data and the data derived from the FEA simulations of the tensile test,
the plastic part of the true stress–strain curve has been modeled with the Swift–Voce
equation, accompanied by a progressive damage mechanics model. Parameters used for
the models used into FEA software are shown in Table 6. Figure 15 shows the calculated
true stress-true strain curve superimposed on the experimental data for the tensile test
of the dog-bone sample.

Table 6. Parameters for dog-bone tensile simulation.

Swift–Voce Model Parameters for the Tensile Simulation

A = 1800 n = 0.15

s0 = 1035 MPa Q = 435 MPa

b = 11 a = 0.415

e0 = 0.042

Progress damage mechanics parameter for Abaqus standard

Damage Initiation

Criteria: Ductile

Plastic Strain: 0.125

Stress triaxiality: 450 MPa

Strain rate: 0.003

Damage Evolution

Criteria: Displacement, softening exponential

Total displacement: 0.14

Exponent: 4

From the simulation point of view, the L11 (true deformation in tensile direction) and
the S11 (true stress in tensile direction) expressed during the test have been taken into
account, as shown in the following Figure 16. These components are more consistent with
the Swift–Voce model and demonstrate rigid behavior of the specimen during the test.
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Figure 15. Comparison between simulated (green) and experimental (purple) tensile test curve of a
dog-bone sample.

Figure 16. Logarithmic strain component (a) and real dog-bone sample maximum deformation (b).

The parameters for the notch sample used in the FEA software are shown in Table 7.
Figure 17 shows the calculated true stress–true strain curve superimposed on the

experimental data for the tensile test of notch sample.
The L11 and the S11 for the notch sample are expressed in Figure 18.
In the case of the specimen subjected to shear stress, as mentioned, for calibrating

the simulation to the experimental data, it was decided to model the plastic part of the
stress–strain curve using the Johnson–Cook equation, and results are shown in Figure 19.
In fact, in the case of the shear test, a larger deformation state than in the tensile and notch
tests was obtained. In fact, as shown in Figure 20, the results of the calculation code must
consider the true deformation component L12 and the stresses expressed by the von Mises
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criterion. Table 8 shows the parameters obtained for the Johnson–Cook model and the
progressive damage mechanic model.

Table 7. Parameters for notch tensile simulation.

Swift–Voce Model Parameters for the Notch Simulation

A = 1644 n = 0.35

s0 = 1030 MPa Q = 650 MPa

b = 30 a = 0.635

e0 = 0.35

Progress damage mechanics parameter for Abaqus standard

Damage Initiation

Criteria: Ductile

Plastic Strain: 0.07

Stress triaxiality: 486 MPa

Strain rate: 0.001

Damage Evolution

Criteria: Displacement, softening exponential

Total displacement: 0.095

Exponent: 4

 

Figure 17. Comparison of simulated (green) and real (purple) curve of a notch sample.
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Figure 18. Logarithmic strain component (a) and real notch sample maximum deformation (b).

 

Figure 19. Comparison of simulated (green) and real (purple) curve of shear sample.

It is possible to observe that, even if there are slight differences between the experimen-
tal and simulated tensile curves, the FEM simulations properly predict the real behavior of
different samples, as seen in Figure 20, where the simulated most stressed areas (Figure 20a)
correspond to those observed during the experimental tests (Figure 20b).
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Figure 20. Logarithmic strain component (a) and real shear sample maximum deformation (b).

Table 8. Parameters for shear tensile simulation.

Johnson–Cook Model Parameters for the Shear Simulation

A = 1644 n = 0.35

s0 = 1030 MPa Q = 650 MPa

b = 30 a = 0.635

e0 = 0.35

Progress damage mechanics parameter for Abaqus standard

Damage Initiation

Criteria: Ductile

Plastic Strain: 0.07

Stress triaxiality: 486 MPa
Strain rate: 0.001

Damage Evolution

Criteria: Displacement, softening exponential

Total displacement: 0.095

Exponent: 4

In summary, microstructural analyses and mechanical tests have shown that the
two investigated materials have more in common than the reverse. Optical microscopy
confirmed that the two materials have the same constituent phases: tempered martensite
matrix with dispersed retained austenite that influences the formability of the steel grade,
promoting the TRIP effect during the plastic deformation. Through various mechanical
tests, it was observed that both samples exhibit equal bending behavior, with an alpha
range of 153◦:155◦. Both materials have similar yield strength and ultimate tensile strength,
while the elongation-at-break values of steel obtained from supplier 1 are higher, albeit
slightly, than those of the steel provided by supplier 2. The steel obtained from supplier 2
is slightly more formable, with higher FLC values, than that provided by supplier 1. As
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already anticipated, this difference can be associated with the different thickness of the
samples, which strongly influences the FLC curve.

As already mentioned, Q&P steel use in the automotive field is directed towards
components previously manufactured in DP. Observed mechanical properties return an
excellent behavior during the automotive crash events, being able to locally absorb the
deformation without/delaying the component cracking. For this reason, the Q&P1180 steel
could be suitable for windshield reinforcement, side-sill, or A pillar applications. In fact,
during a pole lateral crash, there is a local deformation and, in general, the materials have
to absorb the energy, limiting the intrusion as much as possible in order to guarantee the
safety of the vehicle occupants. If the Q&P1180 is compared to the DP1180, with the same
level of tensile strength, it is possible to observe 40% more elongation, which is a crucial
point to stamp complex shapes as per the automotive market [28].

To be able to proceed with possible simulations of the Q&P1180 on the vehicle, a FEM
method was identified to be able to convert the real data obtained through the mechanical
tests into virtual data. An approximation of the true curve of the three analyzed geometries
(dog-bone, notched and shear) was obtained. In particular, the dog-bone and carved
samples were approximated by means of the Swift–Voce law, while the shear samples
were approximated by using the Johnson–Cook law. In all cases, a progressive damage
mechanism model was used, i.e., the consideration of the ascending section of the stress–
strain curve of a tensile test in the simulation. All the simulations returned to a good
correlation with experimental tests, which proves the proper approximation of tensile
curves of different samples. So, such models could be used to predict the behavior of
components made by Q&P1180.

4. Conclusions

The comparison of the Q&P1180 steels produced by supplier 1 and supplier 2 was
carried out by means of micrographic analysis using an optical microscope and mechan-
ical tests, to study mechanical strength, fatigue strength, ductility and formability. The
following conclusions can be highlighted:

• Both steels have a microstructure characterized by a tempered martensite matrix, with
residual austenite.

• Both exhibit comparable yield strength and ultimate tensile strength, with higher
elongation in the case of Q&P1180 obtained from supplier 1.

• Both steels exhibit similar formability, as observed through the Nakajima test.
• The Abaqus program was used to simulate the material for each geometry treated

and, through damage and anisotropy calculation methods, the graphs obtained are
superimposable on experimental data of the samples tested in the laboratory, proving
the good reliability of simulation compared to the physical tests.

• The Q&P1180 steel of both suppliers could be used as alternatives in automotive
components, thanks to observed similar mechanical properties.

• The Q&P steel grades will be widely introduced in the automotive application, thanks
to the opportunity to reduce the weight without compromising the safety and durabil-
ity performances of the car.
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Abstract: The Ti-62222 (Ti-6Al-2Sn-2Zr-2Mo-2Cr) alloy has considerable potential for struc-
tural applications in the aerospace industry owing to its exceptional fracture resistance
and specific strength. This study investigates the influence of local strain parameters and
solution treatment and aging (STA) on the microstructure, texture evolution, and microhard-
ness of a hot-forged Ti-62222 alloy. The strain distribution was simulated using the finite
element method (FEM). The results showed that in the specimens before heat treatment, the
morphology of the primary Ti α phase grains elongated perpendicular to the compression
direction as the strain increased. In contrast, the post-heat-treated specimens (PHTSs)
exhibited similar aspect ratios, regardless of the strain level, owing to grain spheroidization
induced by the STA heat treatment process. Spheroidal primary Ti α phase and acicular Ti
α’ phase were observed in the specimens before and after heat treatment. Texture analysis
revealed that the specimens subjected to heat treatment had a weaker texture than the
before-heat-treatment specimens. The near (1120)//FD texture tended to develop along
the direction perpendicular to the forging direction. The microhardness analysis results
indicated that strain had no significant effect on the microhardness of either the as-forged
specimen or the PHTS. After heat treatment, the specimens showed consistent microhard-
ness values regardless of the strain level. The PHTS exhibited increased microhardness,
attributed to the aging process during STA.

Keywords: Ti-6Al-2Sn-2Zr-2Mo-2Cr; hot compression; dynamic recrystallization;
microstructure; EBSD; texture

1. Introduction

Titanium alloys are widely used in the aerospace, energy, military, and marine in-
dustries owing to higher stiffness, specific strength, and excellent corrosion resistance
compared to other structural materials [1–13]. However, titanium alloys are prone to
develop strong textures during plastic deformation [14–18]. This strong texture can result
in significant anisotropy in the mechanical properties and plastic deformation behavior, ne-
cessitating further investigation [19–21]. Kobryn et al. [22] investigated the microstructure
and texture evolution during the solidification of Ti-6Al-4V. Peters et al. [23] investigated
the influence of texture on the fatigue properties of Ti-6Al-4V.

Among titanium alloys, the Ti-62222 alloy exhibits significant potential for structural
applications in the aerospace industry owing to its superior fracture toughness and higher
specific strength relative to Ti-6Al-4V [24], one of the most widely used commercial titanium
alloys [25]. However, studies on texture evolution during the deformation of the Ti-62222
alloy remain limited.
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Considering that the hot workability of titanium alloys decreases significantly with
decreasing temperature [26], the production of components typically involves ingot casting
which is followed by various hot deformation and heat treatment processes, broadly
referred to as thermomechanical processing [21]. Consequently, extensive research has been
conducted on the hot deformation behavior of titanium alloys to enhance their mechanical
performance. Yang et al. [27] investigated the influence of temperature and strain rate
during hot compression of Ti-6Al-4V on the microstructure and texture. The results indicate
that at temperatures below 900 ◦C and strain rates exceeding 0.1 s−1, the microstructure
primarily comprises elongated Ti α grains. Compared to the as-received specimen, the
texture was stronger in the specimen deformed at 930 ◦C and weaker in the specimen
deformed below 930 ◦C. Warchomicka et al. [28] investigated the effect of strain rate on
the microstructural evolution during hot deformation of the Ti-6Al-4V alloy. The results
show that the dynamic recrystallization of the Ti α grain occurs at strains of 1 within
the strain rate range of 0.1–5 s−1. In the Ti α- β region, the Ti α grains maintain their
shape during deformation up to a strain of 0.2. Zhang et al. [29] investigated the plastic
flow behavior and microstructural evolution during the subtransus hot deformation of
the Ti-6Al-4V alloy with three initial microstructures. The results indicate that the Ti α’
martensitic starting microstructure is more beneficial for achieving grain refinement in
Ti-6Al-4V alloy. To date, most studies on the hot deformation behavior of titanium alloys
have focused on conventional titanium alloys such as the Ti-6Al-4V, whereas research
on the hot deformation behavior of the Ti-62222 alloy is limited. Additional research is
essential to optimize industrial applications of the Ti-62222 alloy.

This study investigates the influence of local strain parameters and heat treatment on
the microstructure, texture evolution, and microhardness of the hot-forged Ti-62222 alloy.
The strain distribution within the specimens was evaluated using the finite element method
(FEM). The microstructures of the specimens were analyzed using optical microscopy (OM),
scanning electron microscopy (SEM), and electron backscatter diffraction (EBSD). The
textures of the specimens were analyzed using an orientation distribution function (ODF).

2. Materials and Methods

The double cone Ti-62222 specimens—with a height of 77 mm and a minor and major
diameter of 55 and 77 mm—were hot forged at 910 ◦C. A schematic of the hot-forging
process is shown in Figure 1a, and the dimensions of the hot-forged specimen are shown
in Figure 1b. After deformation, solution treatment and aging (STA) heat treatment were
performed to investigate its effect on the microstructure, texture, and microhardness.
The heat treatment consisted of solution treatment at 945 ◦C for 30 min, followed by
air cooling and aging at 540 ◦C for 8 h, and then followed by further air cooling. On
completion of processing, the specimens were cut parallel to the forging direction for
cross-sectional analysis.

The FEM-based software DEFORMTM V11 was used to simulate the deformation tests
and analyze the deformation distribution within the sample. The plastic flow behavior
of the Ti-6222 alloy for the FEM simulation at elevated temperatures was obtained from
a compressive stress–strain curve of the alloy in the temperature range between 750 and
1050 ◦C. Based on the experimental compressive stress–strain curves, the flow stress of
the alloy was assumed to be 325 MPa at 750 ◦C before decreasing linearly with increasing
temperature to 40 MPa at 1050 ◦C. For the simulation, the Ti double cone was set as
an elastic-plastic object while the forging dies were set as rigid objects. Their physical
parameters, such as the elastic moduli, referred to the material database in Deform-3D. The
Ti double cone was meshed with 272,548 meshes. The temperatures of the dies and the
exterior were set to 910 ◦C. The film and friction coefficients between the double cone and
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the dies were chosen as 5 and 0.3 N/s·mm·◦C, respectively. Figure 2 shows the deformation
distribution maps of the deformed specimens. Based on the strain levels, arbitrary locations
within the specimen were labeled from A to R. The highest strain was observed at location
A and the lowest at location R. The microstructural and textural evolution was investigated
at each location.

 

Figure 1. (a) Schematic of the hot forging process for the double cone specimen. (b) Specimen
dimensions of the hot-forged specimen.

Figure 2. Deformation distribution map of deformed Ti-62222 specimens. Selected locations within
the specimen are labeled from A to R based on strain levels.

The microstructures of the specimens were observed using an optical microscope (OM,
Axiolab 5, Carl Zeiss, Jena, Germany) and SEM (Mira 3, TESCAN, Kohoutovice, Czech
Republic). The specimens for the OM and SEM analyses were etched with Kalling etchant,
a solution of copper chloride, hydrochloric acid, and ethanol. EBSD analysis (Aztec HKL,
Oxford Inc., Oxford, UK) was conducted to further investigate the phase evolution. From
OM images, the aspect ratio of the primary Ti α phase and the area ratio of each phase
were analyzed using Image J (version 1.54g), an open-source image processing software.

For the texture evolution analysis, the ODF was calculated with multiple pole figure
data using MTEX, a MATLAB-based data post-processing software. The MATLAB R2023a
software was used for the data processing. The pole figures of the specimens were obtained
using X-ray diffraction (XRD; SmartLab, Rigaku, Tokyo, Japan).

The microhardness of the specimens was measured using the HM200 Vickers micro-
hardness test machine (Mitutoyo, Sakado, Japan). Test parameters during the hardness
measurement were as follows: load = 3 N, load time = 7 s, and the interval between hard-
ness indentations in the x and y directions = 0.3 mm. The microhardness distribution across
the specimen was visualized as a microhardness map to analyze the effect of strain.
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3. Results and Discussion

Phase evolution and phase analysis were conducted using an EBSD phase map and
an inverse pole figure (IPF) map to investigate the microstructural changes during the
high-temperature deformation process. The phase map analysis of the as-forged specimen
presented in Figure 3a shows that the microstructure of the hot-forged Ti-62222 alloy
consists of two distinct phases, both phases in a hexagonal close-packed structure but
with different lattice parameters. The microstructure is composed of polygonal-shaped
relatively coarse grains (Ti α) and a matrix comprising a mixture of two distinct phases (i.e.,
Ti α and Ti α’). The IPF map analysis establishes that grains with similar orientations are
formed within a matrix (i.e., the surrounding matrix of primary Ti α grains) characterized
by random orientations (Figure 3b). Based on the phase map and IPF map analysis in
this study and on previous research on phase transformation during the hot deformation
of Ti-62222 [30–33], the phase evolution process can be inferred as follows: during high-
temperature compressive deformation, the high-temperature stable Ti β phase is formed
as primary grains. As the temperature decreases, the Ti α+ β phases develop around the
primary Ti β grains, followed by a diffusion-free transformation of the Ti β phase into the
Ti α’ phase, resulting in regions containing a mixture of Ti α and Ti α’ phases.

 

Figure 3. Cross-sectional EBSD analysis of the as-forged specimen: (a) phase map and (b) IPF map.

In a previous study [28], dynamic recrystallization of the Ti α grain was observed
during the hot deformation process of Ti-6Al-4V at a strain of approximately 1 mm/mm.
However, dynamic recrystallization of the primary Ti α grain was not observed during the
hot deformation process in this study, even at higher strains of up to 2 mm/mm. From
these results, it can be inferred that much higher plastic deformation or higher deformation
temperature is required to achieve dynamic recrystallization in Ti-62222 in comparison to
Ti-6Al-4V. This is probably because of the higher thermal stability of the primary α grain in
Ti-6222 in comparison to that in Ti-6Al-4V.

Cross-sectional OM images by location for the specimens before and after heat treat-
ment are shown in Figures 4 and 5, respectively. The primary Ti α phase grains elongated
in a direction perpendicular to the compression axis as the strain increased in the as-forged
specimens. The primary Ti α phase grains at location A, which experienced the highest
strain, exhibited the most elongated morphology. The grain elongation could be observed
at locations B, C, and D as well. However, at locations E and R, where relatively lower
plastic strains are expected compared to locations A, B, C, and D, no significant grain
elongation could be observed. This phenomenon can be attributed to the high-temperature
deformation during the hot forging process, where grain elongation occurs in the direction
perpendicular to the forging direction. Conversely, Ti α phase grains exhibit uniform
morphology after the heat treatment, independent of the strain levels caused by grain
spheroidization resulting from the STA heat treatment process. The aspect ratios of the
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primary Ti α phase by location for specimens before and after heat treatment are shown
in Figure 6a. The aspect ratio of the as-forged specimen exhibited a tendency to increase
with increasing strain, owing to grain elongation occurring perpendicular to the forging
direction during high-temperature deformation. In contrast, the post-heat-treated speci-
men exhibited consistent aspect ratios irrespective of the strain level, likely due to grain
spheroidization facilitated by the STA heat treatment process. The area ratio indicating the
fraction of the primary Ti α phase relative to the total area was analyzed by location for
specimens both before and after heat treatment, as shown in Figure 6b. The area fraction
was approximately 35% before heat treatment and 21% after heat treatment—considered to
result from the partial dissolution of the primary Ti α phase and its transformation into the
thermally stable Ti β phase during the STA heat treatment process.

 

Figure 4. Cross-sectional OM images of as-forged specimens at locations A to R, representing different
strain levels, observed to analyze microstructural evolution.

The effects of strain and heat treatment on the microstructures of the specimens were
investigated using SEM, as shown in Figure 7. Both before and after heat treatment, the
microstructure exhibited spheroidal primary Ti α and acicular Ti α’ phases. The acicular Ti
α’ phase showed no significant changes in size or morphology regardless of the strain level,
both before and after heat treatment. Additionally, it was observed that the heat treatment
does not affect the morphology of the acicular Ti α’ phase. However, the spheroidal
primary Ti α phase grains in the as-forged specimens were observed to be relatively more
elongated at locations A, B, C, and D, which experienced higher strain levels in the forging
process. At location E, the grains were less elongated in comparison to locations A–D; no
grain elongation was observed at location R, which experienced minimal strain. These
findings indicate that during the high-temperature deformation process, the morphology
of the spheroidal primary Ti α phase grains becomes increasingly elongated with higher
strain levels, whereas no elongation occurs below a certain strain level. In contrast, the
post-heat-treated specimens showed no elongation of the spheroidal primary Ti α phase
grains, regardless of the strain level, likely due to grain spheroidization induced by the
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STA heat treatment process. Furthermore, the primary Ti α phase appears brighter in
the heat-treated specimen in comparison to the as-forged specimen, indicating that the
microstructural defects such as dislocations and low-angle grain boundaries in these phases
were reduced due to the annealing effect during the heat treatment.

 

Figure 5. Cross-sectional OM images of post-heat-treated specimens at locations A to R, representing
different strain levels, observed to analyze microstructural evolution.

Figure 6. (a) Aspect ratio of primary Ti α phase by location for specimens before and after heat
treatment. (b) Area ratio representing the proportion of the primary Ti α phase relative to the total
area by location for specimens before and after heat treatment.

The ODF analysis results for the specimens were compared by location, both before
and after the heat treatment, as shown in Figure 8. The textures of (1340)//FD, (2351)//FD,
(1452)//FD, (1230)//FD, and (1231)//FD were observed in the as-forged specimens. In
contrast, in the post-heat-treated specimens, only the textures (1340)//FD, (1230)//FD, and
(1231)//FD were observed. These results reveal similarities in the (1340)//FD, (1230)//FD,
and (1231)//FD textures between the specimens before and after heat treatment, whereas
the (2351)//FD and (1452)//FD textures observed in the as-forged specimens disappeared
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after heat treatment. Moreover, the overall texture strength of the post-heat-treated spec-
imens was weaker than that of the as-forged specimens. These results confirm that the
strong texture formed in Ti-62222 after deformation can be weakened by heat treatment.
The before and after heat treatment specimens exhibited the weakest texture at location R,
where the strain level was the lowest, indicating that the deformation process significantly
contributes to texture development in the Ti-62222 alloy. Texture analysis demonstrated a
clear tendency for the near (1120)//FD texture to develop along the direction perpendicular
to the forging direction, confirming that the forging process significantly influenced the
orientation of the texture. As the near (1120)//FD texture is characteristic of typical Ti β
forging textures, this analysis suggests that forging was conducted in a region comprising
both Ti α and Ti β phases.

 

 

Figure 7. Cross-sectional SEM images of specimens at locations A to R, representing different strain
levels, observed to analyze microstructural changes before and after heat treatment.

The microhardness was measured as the distance from the center of the as-forged
and post-heat-treated specimens. The measured microhardness values are presented as
microhardness maps and graphs in Figure 9. In the as-forged specimens and post-heat-
treated specimens, consistent values were observed across the entire specimen, regardless
of the strain level. These results indicated that the hot deformation of Ti-62222 had no
significant effect on the hardness of the specimen. The average microhardness of the
as-forged specimen was approximately 330 HV, whereas the post-heat-treated specimen
exhibited a higher average microhardness of approximately 431 HV. In a previous study [34],
Pinke et al. found that air cooling after solution heat treatment had no significant effect
on the hardness of Ti alloys. However, subsequent aging treatment at 550 ◦C increased
the microhardness due to precipitation of the fine Ti α phase from the Ti β phase. As
shown in Figure 6b, the area ratio of the primary Ti α phase decreased after heat treatment.
This phenomenon is attributed to the partial phase transformation of the primary Ti
α phase into the thermally stable Ti β phase during the solution heat treatment in the
STA process. Additionally, a portion of the transformed Ti β phase underwent further
phase transformation into an acicular Ti α’ phase due to the rapid cooling rate during air
cooling after solution treatment. Subsequently, the isothermal ω phase formed within
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the remaining Ti β phase as the aging process progressed further, leading to an increase
in hardness. Therefore, the hardness increase in the post-heat-treated specimens can be
attributed primarily to the formation of the acicular Ti α’ phase and isothermal ω phase
within the Ti β phase owing to the phase transformation induced by the STA heat treatment.
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Figure 8. ODF analysis results of specimens at locations A, C, D, and R, corresponding to different
strain levels, before and after heat treatment, to investigate texture evolution. The near (1120)//FD
texture is highlighted with a blue box.
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Figure 9. Microhardness measurement results by distance from the center of the specimen for
the specimens before and after heat treatment: (a) microhardness map of the entire specimen and
(b) microhardness values at a Z-axis depth of 1 mm plotted against the distance from the center of
the specimen.

4. Conclusions

This study investigated the microstructure, texture evolution, and microhardness
of hot-forged Ti-62222 alloys. The deformation distribution within the specimens was
analyzed by simulating deformation tests using FEM to evaluate the effects of strain levels.
STA was performed to examine the impact of the heat treatment. Additionally, phase map
and IPF map analyses were conducted to investigate the phase evolution process during
the hot deformation of Ti-62222.

1. During high-temperature compressive deformation, the thermally stable Ti β phase
formed as primary grains. During cooling, Ti α+β phases developed around the
primary β grains, followed by a diffusion-free transformation of the Ti β phase into
the Ti α’ phase. This phenomenon resulted in regions containing a mixture of Ti α
and Ti α’ phases in the hot-forged Ti-62222. The dynamic recrystallization of the Ti α
phase is not observed during the hot forging process up to a strain of 2 mm/mm. It is
inferred that much higher deformation is required for the dynamic recrystallization
of Ti-62222 to occur during the hot deformation process, owing to the higher thermal
stability of the α phase of this alloy in comparison to Ti-6Al-4V.
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2. Both as-forged and post-heat-treated specimens exhibited spheroidal primary Ti α
phase and acicular Ti α’ phase. The primary Ti α phase exhibited grain elongation,
which became more pronounced with increasing strain levels. In contrast, the acicular
Ti α’ phase showed no significant changes in size or morphology regardless of strain
level. Spheroidization of the primary α phase occurred after the STA heat treatment.

3. Texture analysis established that the strong textures formed during deformation weak-
ened after heat treatment. Particularly, the (1340)//FD, (1230)//FD, and (1231)//FD
textures were preserved, whereas the (2351)//FD and (1452)//FD textures disap-
peared after the heat treatment. The development of a near (1120)//FD texture
along the direction perpendicular to the forging direction confirms the considerable
influence of hot deformation on texture orientation.

4. The microhardness measurement results indicated that strain had no significant effect
on the microhardness of either the as-forged or the post-heat-treated specimens. In
contrast, the post-heat-treated specimen exhibited higher average microhardness; this
can be attributed to the aging process during STA.
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Abstract: The present study involved (TiB + TiC)/TC11 (Ti-6.5Al-3.5Mo-1.2Zr-0.3Si) + xFe
titanium matrix composites (TMCs) reinforced by in situ TiB whiskers and TiC particles
fabricated by hot isostatic pressing. Microstructure observation reveals a substantial distri-
bution of in situ reinforcements, which form a network-reinforced structure at the prior
particle boundaries of the TC11 matrix. The micro–nanoscale TiB whiskers and TiC particles
within and surrounding this network serve as effective dislocation pinning. The enhance-
ment of mechanical properties can be attributed to load-bearing strengthening, fine-grain
strengthening, and dislocation strengthening. The hardness and compressive strengths
were investigated through mechanical properties testing. The hardness increased by 19.4%
(2 wt% B4C-reinforced composites) compared with TC11 alloy. However, the addition of
2 wt% Fe at the same B4C level (2 wt% B4C + 2 wt% Fe-reinforced composites) resulted
in a significant increase in hardness by 37.5% and 15.2% in compressive strengths of TMC
and can be attributed to the solid solution strengthening effect and higher dislocation
density provided by the addition of Fe. In addition, the optimal overall properties can be
achieved by strictly regulating the addition ratio of 2 wt% Fe and 1 wt% B4C, allowing for
a compressive strength of 2301 MPa while still maintaining a compressive strain of 24.6%.

Keywords: titanium matrix composites; hot isostatic pressure; B4C; mechanical
properties; microstructure

1. Introduction

Titanium alloys are widely used in the petrochemical, biomedical, and aerospace
fields due to their high strength, low density, and corrosion resistance [1–4]. Due to
rapid advancements in various fields, the properties requirements for titanium alloys are
becoming increasingly demanding. Titanium matrix composites (TMC) have emerged as a
pivotal solution to tackle these challenges due to their exceptional properties, such as high
specific strength and temperature stability [5–7]. In the latter quarter of the 20th century,
TMC was extensively researched in the United States and Europe. The incorporation
of ceramic reinforcements, such as TiC, SiC, and B4C, is widely regarded as an effective
method to achieve superior properties [8,9]. Reinforcement with different compositions
can be generated through in situ reactions using the principles of powder metallurgy (PM),
resulting in excellent metallurgical interfacial bonding and thermodynamic stability [10,11].
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This process, such as hot isostatic pressing (HIP), significantly enhances the mechanical
properties at both room temperature and high temperatures [12].

Solving the brittleness of TMCs has been the focus of extensive attention by researchers.
The mechanical properties of the composite material primarily depend on the microstruc-
ture and properties of the matrix, as well as the type, mass fraction, distribution, and size
of the reinforcement material. Additionally, they are influenced by the extent of interfacial
bonding between the matrix and reinforcement. Researchers have improved both strength
and plasticity by constructing a network reinforcement structure. Liu et al. [11] enhanced
both the strength and ductility by preparing in situ reinforced (TiB + TiC)/Ti-6Al-4V
composites with a network structure. Zhong et al. [13] constructed a two-scale network
structure of TiB nanowires and micro-TiC particles combined with needle-like silicide, over-
coming the strength–extensibility paradox. The in situ route of forming TMCs is a highly
efficient and cost-effective method with a clean and strong reinforcement–matrix interface
bonding, and the reinforcement is frequently precipitated from the matrix as either whisker
or particle reinforcements [14,15]. Moreover, researchers have enhanced the ratio of TiB
whiskers and formed nano-TiB whiskers to tackle the strength–ductility paradox [16,17].
Therefore, we introduced hybrid in situ TiB whisker and TiC particles through the process
of PM-HIP, which has been proved effective in strengthening materials [18]. Furthermore,
the addition of nano-B4C powder leads to the formation of reinforcement with micro
and nano sizes, and nano-sized reinforcements can provide significant strengthening in
TMCs [19,20].

Moreover, the addition of Fe plays a crucial role in optimizing the strength and
plasticity matching of titanium alloys. Researchers confirmed that Fe can affect the lattice
distortion of titanium alloys, leading to significant solid solution strengthening [21–23].
Wang et al. [24] prepared in situ alloyed Ti–5Fe using selective laser melting (SLM), which
achieved high tensile strength (865 MPa) with good elongation (12%). Niu et al. [25] studied
Ti-Fe alloy and proved that the best overall properties were achieved by adding 2 wt% Fe.

Despite the significant enhancement of mechanical properties in titanium alloys
through Fe addition, there is a lack of reports on further enhancing TMCs by the ad-
dition of Fe, and its influence on the mechanical properties and microstructure of TMCs
remains unreported. Therefore, the addition of 1, 2 wt% Fe and addition of 0, 1, 2, 5 wt%
B4C are selected to enhance the Ti-6.5Al-3.5Mo-1.2Zr-0.3Si (TC11) alloy. In this study, the
(TiB + TiC)/TC11 composite with a network-reinforced structure was prepared in situ by
HIP by adding nano-B4C powder to the TC11 matrix. In addition, Fe is added to obtain the
best properties by regulating the content of B4C and Fe. The microstructure and properties
of all TMCs were studied and compared, providing a reference for the study of TMCs with
good performance.

2. Materials and Methods

2.1. Material and Manufacture Process

The experimental material used in this work was titanium matrix composite prepared
by two-step hot isostatic pressing (HIP). Pre-alloyed α + β titanium alloy Ti-6.5Al-3.5Mo-
1.2Zr-0.3Si (referred to as TC11 hereafter) powder fabricated by a plasma rotating electrode
process (PREP) (SHANGJI Co., Nanjing, China) with particle size ranges from 53 μm
to 106 μm was used as a matrix material. The TC11 alloy was reinforced with in situ
reinforcements through the incorporation of nano-B4C powder with an average particle
size of 50 nm. Additionally, nano-Fe powder with an average particle size of 50 nm was
also added to investigate the microstructure and mechanical properties of the TMCs with
the addition of Fe. The proportions of the three powders are shown in Table 1. The
three powders were placed in a vacuum drying oven and heated at 100 ◦C for 4 h before
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being put into a planetary ball-milling machine. The low-energy milling processes were
conducted at 200 rpm for 6 h with an agate ball-to-powder weight ratio of 4:1. The ball-
milled powders were loaded into stainless steel capsules with an inner diameter of 40 mm,
a length of 150 mm, and a wall thickness of 2.5 mm, followed by 6 h of degassing at a
vacuum of 1 × 10−3 pa and a temperature of 600 ◦C. The HIP process was conducted at
1050 ◦C/150 MPa for 4 h. After being cooled to room temperature, stainless steel capsules
were removed by machining, followed by a two-step HIP sintering at 1150 ◦C/150 MPa
for 4 h. The flow chart illustrating the fabrication process of (TiB + TiC)/TC11 composites
through the HIP technique is presented in Figure 1.

Table 1. Mixture ratios of TC11, B4C, and Fe powder (wt.%).

Number TC11 B4C Fe

TC11 100 0 0
TMC1 98 2 0
TMC2 95 5 0

TMC3−F 97 1 2
TMC4−F 97 2 1
TMC5−F 96 2 2
TMC6−F 96 3 2

Figure 1. Flow chart of (TiB + TiC)/TC11 composites fabricated by hot isostatic pressing.

2.2. Microstructure and Morphology Characterization

The samples were separated from the prepared TMCs by wire cutting. The specific
dimensions of each sample are depicted in Figure 2. The samples were subjected to X-ray
diffraction (XRD, Rigaku SmartLab SE, AXT, Tokyo, Japan) for phase identification, op-
erated with a Cu target at 35 kV and 40 mA using a continuous scan mode. A scan was
conducted at 10◦/min over a wide range of 30–80◦. The samples for scanning electron mi-
croscope (SEM) observation were ground, polished, and etched by Kroll’s reagent (10 vol%
HF, 20 vol% HNO3, and 70 vol% H2O). Microstructure and morphology characterizations
were conducted through a SEM (JSM6490LV, JEOL, Osaka, Jpapn). The microstructure
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of initial powders was observed using a SIGMA field emission SEM (Zeiss, Oberkochen,
Germany). The specimens were polished by argon ion-beam polishing (EM TIC 3X, Leica,
Solms, Germany) at a voltage of 6 KV for 120 min and 4 KV for 30 min before electron
backscatter diffraction (EBSD, C-SWIFT, Oxford, UK) observation. EBSD and AZtec soft-
ware (Aztec Crystal 2.1.2, Oxford Instruments, Oxford, UK) were adopted to analyze the
orientation of α-Ti, β-Ti, TiB, and TiC phases and phase content.

 
Figure 2. Sample preparation for SEM, XRD, EBSD, and room-temperature compression tests.

2.3. Mechanical Properties Testing

According to the Chinese Standard GB/T 7314-2017 [26], the room-temperature
compression tests were executed on a universal testing machine (Instron 5569, Canton,
MA, USA) with a loading rate of 0.1 mm/min, using a compression specimen size of
Φ4 mm × 6 mm as shown in Figure 2.

Vickers hardness (HV) was measured using an HVS-1000 Vickers Hardness Tester,
with a force of 20 N applied for 15 s. All the samples for hardness measurement underwent
a sequential polishing process using sandpaper of varying grades, including 200, 400, 800,
1200, 1500, and 2000. A minimum of 15 tests were conducted to obtain the average result.
The position for each test was set at a parallel interval of 20 μm, with the center of the
sample as the starting point.

3. Results

3.1. Microstructure Characteristics of the Initial Powders

The microstructure characteristics of the B4C powder, Fe powder, pre-alloyed TC11
powder, and mixed powder are summarized in Figure 3. Both the pre-alloyed TC11 powder
(Figure 3a) and mixed powder (Figure 3d) exhibit excellent sphericity with no discernible
defects, resulting in desirable powder flowability. This ensures the powder is well vibrated
and fills the stainless steel capsules, which is conducive to the densification process [27].
The nano-B4C powder (Figure 3b) and nano-Fe powder (Figure 3c) are uniformly ad-
hered to the TC11 pre-alloy powder particles. The morphology of a single amplified
particle of mixed powder, as depicted in Figure 3d, demonstrates a uniform combination of
micro–nanoparticles achieved through low-energy ball milling.
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Figure 3. Microstructure characteristics of powders: (a) TC11 powder; (b) Fe powder; (c) B4C powder;
(d) mixed powder and amplified single particle.

3.2. Phase Composition

The XRD patterns of TMCs and TC11 alloy fabricated by HIP are shown in Figure 4.
The results show that the α-Ti, β-Ti, TiB, and TiC peaks are clearly detected without the
observation of the diffraction peak for B4C. The XRD analysis reveals a low strength of
β-Ti peaks, particularly in TC11, TMC1, and TMC2 without the addition of Fe, indicating
limited precipitation of β-Ti grains. The addition of the β-stable element Fe results in the
identification of more pronounced peaks in TMC3-F, TMC4-F, TMC5-F, and TMC6-F, as
shown in the amplified spectrum B (Figure 4c). The raw material B4C had been converted
to the TiB whisker (TiBw) and TiC particle (TiCp) phases through the in situ reaction as
5Ti + B4C→4TiB + TiC during the HIP process [28–30]. The intensity of TiC and TiB peaks
increases with further addition of B4C as shown by the amplified spectrum A in Figure 4b.
The position of the matrix diffraction peak also shifted to the left due to an increase in
the lattice constant of the TC11 matrix resulting from the formation of an interstitial solid
solution with a solid solution of B and C atoms [31]. The HIP process did not introduce
more reactions.

 
Figure 4. (a) XRD patterns of TC11 and TMCs; (b) amplified spectrum marked as A; (c) amplified
spectrum marked as B.

3.3. Morphology of Microstructure

The SEM images of TC11 alloy and B4C-reinforced TC11 composites demonstrate
the evolution of microstructure, as shown in Figures 5 and 6. As shown in Figure 5a, the
microstructures of TC11 matrix alloy consist of equiaxial α phase, platelet α phase, and
residual β phase (βr). The continuous grain boundary α phase (αGB) and α/β colony
structure with different orientations are also observed. In Figure 5b,c, it is observed that the
in situ TiB and TiC reinforcements primarily accumulate at the prior particle boundaries
(PPBs) and form a network structure. In addition, traces of nano-TiB whiskers (TiBw)
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and nano-TiC particles (TiCp) can be found in the TC11 matrix slightly away from the
PPBs, indicating that C atoms and B atoms in the (TiB + TiC)-rich region diffused a certain
distance into the interior of the network structure. With the increase in B4C addition, TiBw

and TiCp grow and agglomerate on PPBs, resulting in the formation of a coarser and more
continuous network structure. This alteration adversely affects the mechanical properties
of TMCs [32]. It is noteworthy that the incorporation of 5 wt% B4C and insufficient solid
phase sintering resulted in the presence of pores at the PPBs in TMC6, with a nearly circular
shape and an average size of 6.5 μm.

 
Figure 5. SEM micrographs of TC11 alloy and B4C-reinforced TC11 composites: (a) TC11; (b) TMC1;
(c) TMC2.

 

Figure 6. SEM micrographs of B4C-reinforced TC11 composites with Fe addition: (a) TMC3-F;
(b) TMC4-F; (c) TMC5-F; (d) TMC6-F.

Figure 6 presents the microstructures of the B4C-reinforced TC11 composites with
the addition of Fe. Compared with TC11 alloy, the microstructures of TMCs tend to be
more equiaxial, which indicates that (TiB + TiC) dual phases can facilitate the formation of
equiaxed grains. The comparison of TMC3-F, TMC5-F, and TMC6-F reveals that with the
same amount of added Fe, an increase in added B4C from 1 wt% to 3 wt% results in a higher
reinforcement content and a more continuous network structure. When comparing TMC1,
TMC4-F, and TMC5-F, it can be observed that an increase in added Fe from 0 wt% and 1 wt%
to 2 wt% leads to more nano-TiBw (TiB whiskers) clusters with diverse orientations and
more nano-TiCp (TiC particles) stacked densely between TiBw near the network structure
when the same amount of B4C is added. In addition, more micron-scale TiBw and TiCp

precipitate from the matrix. These changes prove that the addition of Fe promoted the
in situ reaction and the distribution of elements. The addition of Fe can slightly alter the
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phase content and size of the matrix, making it easier to form a narrower α phase, while
the width and content of the β phase may increase accordingly.

The EDS mapping was introduced to determine the chemical composition of mi-
crostructure and reinforcing phases in (TiB + TiC)/TC11 composites fabricated by HIP. To
determine the distribution of Fe elements in the composite, EDS scanning was conducted
using TMC5-F as a representative sample, as shown in Figure 7a. The brighter regions
indicate a higher concentration of these elements. EDS point scanning was also carried out
to further verify the composition of the reinforcement-rich region, the results of which are
consistent with the XRD results in Figure 4, indicating that the reinforcement consists of
TiB and TiC. It is obvious that the matrix is primarily composed of Ti and Al, which are the
most abundant elements in its composition. The B and C elements uniformly dissolve in the
matrix and are enriched at the prior particle boundaries (PPbs), where they undergo in situ
reactions with Ti elements to form the (TiB + TiC) network structure. The in situ nano-TiBw

exhibit a high aspect ratio, with a diameter of approximately 100 nm and lengths starting
from several microns. They are arranged in parallel clusters and distributed around the
network structure. TiCp and TiBw are interwoven and distributed near the network struc-
ture, with a small amount diffused into the matrix. The multiple reinforcements contribute
to enhancing the properties of TMCs [33]. In addition, the Fe element is dissolved in the
matrix, particularly in regions where the β phases are present, which has a distinctive
performance in solid solution strengthening and improves the working properties [34,35].

 

Figure 7. EDS results of TC11-2wt% B4C with added 2wt% Fe (TMC5-F): (a) EDS mapping of TMC5-F;
(b) EDS point scanning of (TiB + TiC)-rich region in TMC5-F.
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3.4. EBSD Analysis

EBSD analysis was used to further investigate the crystal orientation and phase char-
acteristics of 2 wt% B4C-reinforced TC11 composites with added 2 wt% Fe or not. Figure 8
shows the band contrast (BC), inverse pole figure (IPF), and phases maps of the HIPed
TMC1 and TMC5-F. The results show that the primary detection phase of TMC1 and TMC5-
F was α-Ti with a relatively low content of β-Ti. According to the phase maps (Figure 8c,f),
the distribution of the TiB and TiC reinforcement-rich region is marked in Figure 8a,d.
Figure 8b indicates that the α-Ti grain orientations of the HIPed sample were randomized
with {1210} and {0110}. After adding Fe, a significant transformation from {0001} and {0110}
crystal orientations to {1210} was observed, as shown in Figure 8e. This is because the
addition of Fe exhibits distinct selectivity towards the grain orientation of the α phase and,
as Fe addition increases, the α phase grain orientation becomes more concentrated, leading
to a more pronounced isotropy [36]. The high-angle grain boundaries (>10◦) predominated
with a high proportion of 73.7% (TMC1) and 70.0% (TMC5-F), suggesting a rise in the
number of small-angle grain boundaries when Fe is added. After HIP, the majority of β-Ti
phase regions in TMC5-F were undetectable, consistent with the findings obtained from
XRD analysis.

 

Figure 8. EBSD characterization of TMC1 (a–c) and TMC5-F (d–f): (a,d) BC maps; (b,e) IPB maps;
(c,f) phase maps.

Furthermore, the effect of the addition of Fe on the texture strength of the α phase in
TMC1 and TMC5-F was further analyzed, as shown by pole figure diagrams in Figure 9a,b.
Both TMC1 and TMC5-F demonstrate greater texture strength along the (0001) orienta-
tion [37]. It is noteworthy that TMC5-F exhibits greater texture strength in the (11−20)
and (10−10) directions compared to TMC1 due to the addition of 2 wt% Fe, resulting in a
preferred orientation in the texture of the α phase compared to TMC1. In total, the HIPed
TMC has no obvious texture, so its mechanical properties exhibit isotropy [27].

In order to qualitatively and quantitatively describe and compare the dislocation
density of B4C-reinforced TC11 composites with and without the addition of Fe, KAM
maps were used to determine the change trend of dislocation density. An equation was
introduced to determine the geometrically necessary dislocations (GNDs) for TMC1 and
TMC5-F. The equation is as follows [38–40]:

ρGND =
2KAMave

ub
(1)
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Equation (1): ρGND is the GND density of the measurement point; KAMave is the
average value of KAM derived from EBSD software; the EBSD scan step size is 180 nm,
denoted as u; the Burgers vector of the titanium alloy, which is 2.951 nm for HCP titanium,
is denoted as b. Figure 10 presents the KAM distribution maps and the computed GND
density for TMC1 and TMC5-F. The value of the GND of the 2 wt% B4C-reinforced TC11
composites (TMC1) is calculated as 1.89 × 1014 m−2 and increases to 2.09 × 1014 m−2

(increased by 10.6%) after the addition of 2 wt% Fe (TMC5-F). Compared with TMC1,
TMC5-F has a higher dislocation density which can be attributed to the addition of Fe.
Fe element can induce the precipitation of the β phase, resulting in more α/β interfaces.
In addition, the addition of Fe promotes the precipitation of in situ reinforcement, and
the interface number of reinforcements increases, resulting in a higher dislocation density.
High dislocation density could significantly enhance tensile strength [41].

Figure 9. Pole figure of α phase: (a) TMC1; (b) TMC5−F.

 

Figure 10. The KAM distribution, along with the mean GND density computed from the KAM maps:
(a) TMC1; (b) TMC5−F.

3.5. Room Temperature Uniaxial Compression Experiment

Figure 11a demonstrates the compressive stress–strain curves of 2 wt% and 5 wt% B4C-
reinforced TC11 composites. With the increase in the addition of B4C, the compressive yield
strength reaches 1327 MPa (TMC1) and 1586 MPa (TMC2), respectively, which increased by
30.1% and 55.5% compared with TC11 alloy (1020 MPa). The stress–strain curves of 2 wt%
B4C-reinforced TC11 composites with the addition of 0, 1, 2 wt% Fe are shown in Figure 11b.
The addition of Fe is observed to significantly enhance both the compressive yield strength
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and compressive strength of the material, resulting in a 2.8% increase in compressive
strength for TMC4-F and an 8.9% increase for TMC5-F compared to TC11. Moreover, when
compared to TMC1 without added Fe, TMC4-F exhibits a 6.8% increase in compressive
strength while TMC5-F demonstrates a remarkable 13.2% improvement. This indicates that
the addition of 2 wt% Fe can improve the compressive strength of the material and maintain
a certain plasticity. Therefore, the compression property of 1, 2, 3 wt% B4C-reinforced TC11
composites with the addition of 2 wt% Fe is studied as shown in Figure 11c. It can be found
that the compressive properties of the composites do not exhibit improvement with an
increase in B4C content when Fe is at 2 wt%. Moreover, the composites containing 1 wt%
B4C and 2 wt% (TMC3-F) Fe demonstrate superior compressive properties. TMC3-F has the
highest compressive strength, reaching 2301 MPa, which represents a 15.2% improvement
compared to TC11, while maintaining a certain compressive strain (24.6%).

 

Figure 11. (a) The stress–strain curves of 2 wt% and 5 wt% reinforced TC11 composites; (b) The
stress–strain curves of 2 wt% B4C-reinforced TC11 composites with the addition of 0, 1, 2 wt% Fe;
(c) The stress–strain curves of 1, 2, 3 wt% B4C-reinforced TC11 composites with the addition of 2 wt%
Fe; (d) The stress–strain curves of TMCs and TC11 alloy formed by HIP; (e) The Vickers hardness
comparison of TMCs and TC11 alloy.

The compressive yield strength of all the TMCs markedly exceeds that of the TC11
alloy, as can be seen from the box selection area in Figure 11d. In general, the compressive
strength of TMCs increased first and then decreased with the increased addition of B4C.
The comparison of TMC1, TMC4-F, and TMC5-F indicates that the addition of Fe can
substantially increase the compressive strength without compromising the compressive
strain. The addition of 2wt% Fe is observed to yield the most effective strengthening
effect. In this case, the addition of 1wt% B4C achieves optimal strength enhancement.
Consequently, TMC3-F demonstrates the best balance between strength and plasticity. It is
noteworthy that the strains of TMC2 and TMC6-F exhibit a significant reduction, despite
their high yield strength. This indicates brittle fracture characteristics as both compressive
strength and strain are considerably reduced.

Moreover, the hardness of all the TMCs is significantly increased and the increasing
trend in hardness is consistent with the compressive yield strength, as shown in Figure 11e.
The comparison of TC11, TMC1, and TMC2 reveals that (TiB + TiC) reinforcements can
significantly harden the TC11 matrix, and the addition of more B4C led to higher hardness.
The addition of B4C at 2 wt% and 5 wt% led to corresponding increases in the composite
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hardness by 19.4% and 34.5%, respectively. Comparison of TMC1, TMC4-F, and TMC5-F
reveals that the addition of Fe can significantly enhance the hardness. The hardness of
TMC4-F is 15.2% higher than that of TMC1 and 37.5% higher than that of the TC11 alloy
due to the addition of 1 wt% Fe. The addition of a reasonable amount of reinforcement
and the appropriate adjustment of Fe have been shown to achieve better performance
improvement in TMCs, as evidenced by their excellent compressive strength, hardness,
and high strain, surpassing the simple addition of B4C.

4. Discussion

Figure 12 shows the schematic microstructure diagram of microstructural evolution of
the (TiB + TiC)-reinforced composites. TiB whiskers and TiC particles in the micro- and
nanoscale were formed in the TC11 matrix of the HIPed TMCs, indicating a solid–solid
reaction during the sintering of B4C and Ti powders to form in situ TiC and TiB. After
low-energy ball milling, the B4C particles were uniformly distributed on the TC11 matrix
particles, which provided the carbon source and boron source. The formation of TiB and
TiC phases resulted from the reaction between B4C and Ti as follows:

5Ti + B4C = 4TiB + TiC (2)

 

Figure 12. Schematic diagram of microstructural evolution of the HIPed (TiB + TiC)/TC11.

Under the high sintering temperature of 1050 ◦C and the isostatic pressure of
150 MPa, the rapid diffusion of titanium, carbon, and boron atoms was facilitated by
the intense thermal atomic motion, resulting in nucleation and growth of TiBw and TiCp.
The eutectic transformation between titanium and iron takes place at a temperature of
1085 ◦C; therefore, the sintering temperature is strictly controlled at 1050 ◦C to prevent
reaction between the stainless steel capsules and the TC11 matrix [42]. Furthermore, by
implementing a two-step HIP process after the removal of the stainless steel capsule, it
ensured that the reinforcements were fully formed through in situ reactions. The B4C parti-
cles tend to aggregate at prior particle boundaries (PPBs), which provide abundant sources
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of boron and carbon. As a result, during the solid phase reaction, larger micron-sized TiCp

and TiBw appear at PPBs. Furthermore, nanoscale TiBw and TiCp were observed within the
matrix at a specific distance from the PPBs as a result of diffusion of boron and carbon atoms
into the interior of the network structure [43]. Thus, the concentration of C and B elements
mainly contributes to the grain size of TiBw and TiCp, while the growth morphologies in
the reinforcements primarily contribute to their crystal structures. The growth of TiBw is
oriented along the [010] crystallographic axis in the longitudinal direction, resulting in
TiBw exhibiting a needle-like morphology [44,45]. The TiC grows in each crystal planes
and tends to form granules.

The compression test and hardness test results indicate that the addition of the B4C
powder to the TC11 matrix improved the mechanical properties, and the addition of Fe pro-
vides an additional strengthening effect. The network structure, featuring the distribution
of in situ TiB and TiC, effectively transfers the load while preserving a certain level of matrix
plasticity. Microstructure formation shows that in situ networks refined the matrix grain,
leading to a great improvement in mechanical properties. The nanoprecipitated phases TiC
and TiB within the network simultaneously contribute to load transfer and precipitated
phase strengthening. Since the interfacial strength of TiB-Ti and TiC-Ti is much higher than
that of Ti-Ti, the formation of a large number of nano-TiBw and nano-TiCp provides more
TiB-Ti and TiC-Ti interfaces, which leads to load-bearing strengthening effect while provid-
ing fine-grain strengthening, significantly increasing the strength of the material [46,47].
The solid solution strengthening caused by interstitial B and C elements is theoretically
limited and can be disregarded. Since the thermal expansion coefficients of TiB and Ti are
similar, the dislocation strengthening caused by TiB can be ignored [48]. The presence of
TiCp at the grain boundaries can account for the dislocation pinning effect and contribute
to the enhanced strength observed in TMCs. The deformation compatibility between Ti and
TiC differs, resulting in stress concentration at the interface between hard TiC particles and
Ti. However, excessive addition of B4C promotes crack propagation and defect formation,
which accounts for the presence of pores in TMC2. Therefore, incorporating an appropriate
amount of B4C to induce nanoscale in situ reinforcements can mitigate this effect and
provide dislocation strengthening. The reinforcements act as obstacles against dislocations,
thereby enhancing the mechanical properties of materials.

The additional strengthening effect provided by Fe is due to the solid solution strength-
ening of Fe. Moreover, the addition of Fe can further facilitate the in situ formation of TiBw

and TiCp, as shown in Figure 13. As shown in Figure 4b, the presence of the TiFe-base
intermetallic phase was not detected in TMC, and Fe was incorporated into TMCs as a β

stable element, resulting in an increased intensity of the β peak attributed to the addition
of Fe. In addition, Fe exhibits a significant solid solution strengthening effect due to its
strong ability to induce lattice distortion in titanium alloy. The strain caused by the lattice
distortion can increase the Young’s modulus and bulk modulus of the β phase, thus affect-
ing the plasticity of the material [49]. Thus, the combination of in situ reinforcement and
Fe solid solution strengthening can result in an additional strengthening effect. However,
S. Pouzet et al. [50] reported that the content of B4C is typically limited to no more than
3 wt% in order to ensure sufficient plasticity which is consistent with our experimental
results. Therefore, the precise control of the reinforcement and Fe content in the particle is
crucial for achieving optimal performance balance.
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Figure 13. Schematic diagram of microstructural evolution of the HIPed (TiB + TiC)/TC11 + xFe.

5. Conclusions

In this work the microstructure evolution and mechanical properties of
(TiB + TiC)/TC11 + xFe composites fabricated by HIP were systematically investigated.
The findings can be summarized as follows:

(1) After low-energy ball milling, the nano-B4C and nano-Fe powders were uniformly
attached to the micron-sized TC11 particles. The HIP sintering process facilitated the
formation of in situ TiB and TiC reinforcements at the PPBs, resulting in well-defined
network-reinforced structures.

(2) Nano-TiBw with high length-to-diameter ratio and granular TiCp are distributed
around the network structure, while a small amount of TiCp and TiBw is also dispersed
within the network structure due to element diffusion, which provided load-bearing
strengthening, fine-grain strengthening, and dislocation strengthening.

(3) The B4C-reinforced TC11 composites presented an increment in hardness and com-
pressive yield strength, which gradually increased with more in situ TiB and TiC
formation. After the addition of Fe, the composite demonstrates enhanced compres-
sive strength, compressive strain, and hardness.

(4) The addition of Fe can provide additional solid solution strengthening, thereby further
enhancing the strength while maintaining compressive strain. Furthermore, by opti-
mizing the ratio of B4C and Fe additions, superior comprehensive performance can
be achieved with a 15.2% increase in compressive strength while preserving excellent
compressive strain of 24.6% (TMC3-F).
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Abstract: Solid particle erosion (SPE) significantly limits the service life of High-Chromium
Cast Irons (HCCIs), widely used in power generation and mining industries. This study
investigates how microstructural features influence the erosion resistance of a Fe-Cr-C
cast iron, focusing on the interplay between particle kinetic energy and carbide features,
i.e., carbide volume fraction (CVF). Erosion tests, conducted per ASTM G76 standards,
revealed that substrates with similar CVFs exhibited varying damage levels, even at
consistent particle kinetic energies. The findings underscored that impact conditions
have a greater influence on erosion resistance than CVF alone, emphasizing the criti-
cal role of carbide morphology and distribution in mitigating damage. This work pro-
vides valuable insights for optimizing HCCIs to enhance material performance and dura-
bility in demanding erosive environments by tailoring carbide distribution to specific
operational conditions.

Keywords: high-chromium cast irons; solid particle erosion; carbide volume fraction;
impact velocity; image analysis; erosion rate

1. Introduction

Solid particle erosion (SPE) is a widely studied phenomenon in the engineering field,
characterized by material removal resulting from impacting particles [1–5]. This process
poses significant challenges in applications such as gas turbines, slurry pumps, and heat
exchangers, where repeated solid particle impacts cause mass loss, compromising durability
and reliability [6–10]. Addressing erosion-related issues is crucial for extending the service
life of these components and maintaining overall efficiency and safety. SPE is a complex,
multi-faceted phenomenon influenced by a combination of parameters that determine
the severity and nature of surface degradation. The literature extensively discusses these
parameters, which include the carrying fluid (such as kinetic energy and thermodynamic
states), the material properties of the impacted surface (e.g., microstructure and hardness),
and the properties of the impacting particles (e.g., morphology, size, impact angle, velocity,
and hardness) [2,11–14]. The erosion rate (ER), a crucial parameter for evaluating surface
degradation, is defined as the rate at which material is removed from the surface, i.e., the
mass or volume of material lost per unit of time or unit area. The key determinant is the
angle at which particles strike a surface [15]. Ductile metals experience maximum ERs at low
angles (20–30◦) due to micro-cutting, while brittle materials experience peak ERs at near-
normal impacts (90◦), leading to crack formation and spallation. Particle characteristics,
such as size, shape, and hardness, also critically influence erosion outcomes [16,17]. Another
crucial factor influencing SPE is the velocity and, thus, the kinetic energy of the impacting

Metals 2025, 15, 6 https://doi.org/10.3390/met15010006
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particles [18]. It has been observed that ER increases with particle size and kinetic energy
up to a threshold, beyond which this relationship may become nonlinear due to particle-
particle interactions [19,20].

Among the various weld overlay coating materials employed to counteract SPE
(e.g., iron-based, cobalt-based, nickel-based, and copper-based alloys) [21], iron-based
hardfacing materials are often favored [22–25]. This is largely attributed to their cost-
effectiveness and performance characteristics. Notably, high chromium cast irons (HCCIs)
are renowned for their excellent wear and corrosion resistance, which stem from their
peculiar microstructure. They consist of hard primary and eutectic carbides (M7C3 or
M23C6 types) embedded in a tough matrix. Broadly speaking, the primary carbides act
as a barrier against erosion, whereas the surrounding matrix provides ductile support to
the carbides.

As reported, SPE is a challenging phenomenon, and many investigations have ex-
plored specific aspects of the erosion phenomenon, focusing on individual parameters
that influence erosive behavior. For instance, Sapate and Rama Rao [26,27], explored
the relationship between carbide volume fraction (CVF) and ER under mild and severe
erosion conditions, analyzing the protective role of carbides against softer erodents and
the opposite effect in the presence of harder erodents. Chatterjee and Pal [22] analyzed
the SPE of hardfacing deposits on gray cast iron, highlighting that CVF and carbide type
significantly influence erosion resistance, with softer erodents causing less damage and
hard erodents leading to severe wear in alloys with brittle carbides. Similarly, Stevenson
and Hutchings [28] demonstrated that CVF is critical for erosion resistance, with results
varying based on the relative hardness of the erodents. In parallel, the kinetic energy of
impacting particles has been observed to play a fundamental role in intensifying erosion.
As discussed by Finnie [29], who modeled the relationship between particle velocity and
ER, higher kinetic energy amplifies surface damage. However, the effect of kinetic energy is
often studied separately from microstructural considerations. Shitole et al. [30] investigated
the influence of particle kinetic energy, varying with particle size, on SPE of metals. The
findings suggested a direct correlation between increased kinetic energy and higher ERs,
showing that higher-energy particles cause more severe material degradation.

In summary, while numerous studies have provided valuable insights into SPE, none,
to the best of the author’s knowledge, have comprehensively examined the combined
effects of microstructural characteristics and the kinetic energy of impacting particles, often
overlooking their complex interplay. The primary purpose of this study is to address this
research gap by investigating how the microstructure of an HCCI interacts with particle
kinetic energy to influence erosion resistance. Specifically, the study aims to determine why
substrates with similar CVFs exhibit differing levels of damage under identical erosion
conditions (i.e., the same particle kinetic energy), thereby advancing the understanding
of structure-property relationships. To achieve this objective, a detailed microstructural
analysis through optical and scanning electron microscopes was performed. The erosion
tests, conducted in a dedicated test rig designed according to the guidelines outlined in the
ASTM G76 standard [31], comprised a standard powder (ISO 12103-1 standard [32]) with
different granulometric distributions. Tests were conducted at a 15◦ impact angle and by
keeping kinetic energies constant. The findings reveal that substrates with the same CVFs
can suffer different damage levels even when subjected to identical particle kinetic energies.
This underscores the need for a quantitative approach to deepen our understanding of
structure-property relationships, enhance microstructure design, and optimize processing
methods. By providing new insights into the complex relationship between microstructure
and erosion mechanics, this study advances the understanding of the erosion process and
contributes to improving the design and durability of HCCIs for demanding applications.
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2. Materials and Methods

In this study, a commercial hardfacing alloy was utilized, featuring an HCCI overlay
applied on a low-carbon steel substrate. The overlay was deposited using an open-arc
welding process with a flux-cored wire through commercial process parameters. The HCCI
hardfacing electrodes were deposited onto a low-carbon steel plate, with the base steel and
the hardfacing layer having a nominal thickness of 5 mm. To determine the chemical com-
position of the HCCI, Glow Discharge Optical Emission Spectroscopy (GDOES, Spectruma
Analytik, Hof, Germany) was performed, and the result is summarized in Table 1.

Table 1. Chemical composition (wt.%) of the HCCI overlay.

Composition (wt.%)—Fe Balance

C Mn Si Cr Mo Nb W V

4.15 0.56 1.08 21.04 2.78 4.09 0.86 0.69

The microstructural analyses of the material were conducted using a Leica DMi8 A
optical microscope (OM) (Leica, Wetzlar, Germany) and a Zeiss EVO MA15 (Carl Zeiss,
Jena, Germany) scanning electron microscope (SEM), equipped with an Oxford X-Max 50
(Oxford Instruments, Abingdon-on-Thames, UK) Energy Dispersive Spectroscopy (EDS)
X-ray microprobe for semi-quantitative analysis. SEM investigations comprised secondary
electron (SEI) and backscattered electron (BSE) detectors. After standard metallographic
preparation (up to 3 μm diamond polishing), the surface was etched with Kalling’s reagent
(5 g CuCl2, 100 mL HCl, 100 mL C2H5OH). A detailed quantitative description of the
microstructural features of the HCCI was conducted to deepen the role of the microstructure
on the solid particle erosion phenomenon. The 20 mm × 20 mm (which represents the
area of the target used in the erosion tests described hereafter) surface of each sample
was divided into 9 regions of interest (ROIs), covering a total area of about 18 mm2 per
sample. Through ImageJ image analysis software (Version 1.53e, 2020, National Institutes
of Health, Bethesda, MD, USA) [33], the stereological features of the Cr-rich carbides were
determined. Figure 1 displays the sequence of the adopted image processing procedure.
Figure 1a presents the original grayscale OM micrograph. The latter was converted into an
8-bit binary image, and contrast enhancement techniques were applied to facilitate feature
extraction. By setting the threshold value for identifying the features under examination
(specifically, the primary Cr-rich carbides), each particle was outlined, ensuring precise
delineation of the carbides for accurate quantification. Figure 1b illustrates the outcome of
particle analysis, where carbides below a specified area threshold were excluded, displaying
only the outlines of the measured carbides. This selective exclusion was achieved by
defining a minimum size threshold to filter out undesired carbides based on their area.
This sequence was adopted to determine the CVF parameter, computed as the AC/ATOT

ratio, where A represents the area, the subscripts C and TOT refer to carbides, and the total
analyzed microstructure area.

Solid particle erosion tests were conducted per the ASTM G76 standard in an on-
purpose bench. The bench has two main sections: the particle injection system and the
impact test chamber. The particle injection system comprises a volumetric feeder that
ensures a stable flow rate of erodent powder, which is calibrated for precise mass flow
control by adjusting the motor speed via an inverter. Once dosed, the powder reaches a
mixing chamber connected to the main airflow. Here, high shear forces generated by a
Venturi nozzle prevent particle agglomeration, thus ensuring a consistent particle stream.
The high-speed airflow carries the particles through the nozzle, where they are accelerated
to the desired impact velocity. Nozzle geometry is optimized to guide the particle-laden
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jet toward the target material with minimal dispersion. The specimen is placed in a target
holder, which can be tilted to test different impact angles, i.e., from tangential (15◦) to
normal (90◦) impacts. Figure 2 shows the test chamber. An exhaust fan coupled with a
filtration system prevents particle dispersion outside the chamber. Further details regarding
the test bench can be found in [34].

 

Figure 1. Sequence of the adopted image processing procedure with ImageJ image analysis software:
(a) original grayscale OM micrograph and (b) outcome of particle analysis.

Figure 2. Scheme and image of the impact test chamber.

Tests were conducted on polished surfaces (3 μm diamond polishing) with an impact
angle of 15◦. The erodent powder selected was the controlled-grain-size standard Arizona
dust quartz (ARD), in accordance with ISO 12103-1:2016. This commercial powder com-
prises 75% silica dioxide, 20% aluminum trioxide, and minor oxides (such as magnesium
and iron) and is commonly used to test filtration systems and assess machine degradation.
Two mean particle diameters of the ARD powder were chosen, specifically dmean = 4.8 μm
(labeled as UF) and dmean = 25.5 μm (labeled as M). Test parameters, including flow rate,
injected powder flow rate, and test duration, were established using computational fluid
dynamics simulations to ensure a working condition with constant kinetic energy of the
erodent particles. Hence, UF powder had an impact velocity of 205 m/s, whereas M powder
had an impact velocity of 15.9 m/s. This difference in velocity compensates for the varying
particle masses, ensuring that the tests were conducted under equivalent kinetic energy
conditions. Erosion resistance was assessed by measuring the sample weight loss using
a Kern ABT 100-5NM (Kern, Balingen, Germany) analytical balance with a resolution of
0.01 mg. The ER was computed as the ratio of sample weight loss to the mass of injected ero-
dent, and ER values were averaged over five tests for each substrate-erodent combination.
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On the worn surfaces, qualitative and quantitative analyses comprised observations using
a HIROX-RH 2000 (Hirox Europe, Limonest, France) 3D digital microscope and using a
Talysurf CCI-Lite (Taylor-Hobson, Leicester, UK) non-contact 3D profilometer, respectively.

3. Results and Discussion

Figure 3 shows the OM micrographs of the investigated HCCI, highlighting its main
metallographic features. As seen, the microstructure is composed of primary carbides
(i.e., the light phase in the micrographs) embedded in the surrounding matrix. Such
a microstructure is in accordance with the chemical composition of the HCCI, and the
as-welding morphology of M7C3 carbides of hypereutectic Fe-Cr-C alloy depends on
the solidification rate [35]. Thus, some regions exhibit hexagon and hollow-hexagon
morphologies of primary M7C3 carbides (see Figure 3a), whereas others display blade-like
primary carbides (see Figure 3b). In addition to the morphologies, the distribution of the
carbides differs since they appear relatively uniformly distributed in Figure 3a and form a
star-like pattern emanating from nucleation centers in Figure 3b, as a result of directional
solidification phenomena.

 

Figure 3. OM micrographs of the investigated HCCI: (a) hexagon and hollow-hexagon morphologies
of primary M7C3 carbides; (b) blade-like morphology of primary M7C3 carbides.

The SEM analyses enabled us to attain more insight into the metallographic features
of carbides and of the surrounding matrix. Figure 4a shows a low-magnification SEI-SEM
micrograph representative of the HCCI microstructure. As seen, a large number of M7C3

carbides evenly distributed in the matrix are detectable, identifiable by their characteristic
hexagonal shape. In addition, several eutectic carbides surrounding the primary ones
are also visible (see the solid circles in Figure 4a). Such carbides are likely the M6C-type
ones, as previously observed in [36,37]. Given the Nb content in the alloy (see Table 1),
the micrograph also revealed the presence of NbC with flower-like or polygonal shapes
(see the dashed circles in Figure 4a). It has been established that the improvement of wear
resistance by Nb addition depends on the very hard NbC (2400 HV) and on the dissolution
of Nb in the matrix that promotes higher hardness [38–42]. From the high-magnification
SEI- and BSE-SEM micrographs of Figure 4b,c additional microstructural features were
detailed. The SEI-SEM micrographs of Figure 4b confirmed the presence of primary and
eutectic carbides, Nb-rich carbides surrounded by an austenitic matrix with a small amount
of martensite (see the arrows in Figure 4b). Readers seeking more in-depth insights on
matrix microstructure and on the role of its structure in affecting SPE resistance are referred
to a preceding study by the authors [43]. As previously observed [44], the local depletion
of austenite from alloying addition promotes martensite formation at the matrix/carbide
interface. In addition to the EDS point analyses of the M7C3 carbides (Figure 4d) and of the
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NbC (Figure 4e), Figure 4f displays the spectrum of the detected Mo-rich carbides. Such
carbides were also detected in a previous study by the authors [43] in which XRD analyses
comprehensively detailed the phase compositions of the investigated HCCI. The formation
of such hard carbides refines the primary M7C3 ones and improves the hardness and wear
resistance of the material [40,45,46].

 

(a) (b) (c)

(d) (e) (f)

2

1

3

+

+
+

1 2 3

Figure 4. Micrographs of the investigated HCCI: (a) low-magnification SEI-SEM micrograph repre-
sentative of the HCCI microstructure, eutectic carbides labeled with solid circles, and NbC labeled
with dashed circles; (b) high-magnification SEI-SEM micrograph with martensite labeled with arrows
(c) high-magnification BSE-SEM micrograph with labeled EDS point analyses; (d–f) EDS spectra of
the point analyses labeled in (c).

The quantitative description of the microstructure was performed to further detail the
carbide morphologies and their distribution within the microstructure. The qualitative and
quantitative comparison among the different morphologies was considered, as reported in
Figure 5, where the representative OM micrographs found within the microstructure of the
investigated samples are shown. Table 2 reports the corresponding CVF parameters for
each micrograph of Figure 5. As seen, according to the variations in carbide morphologies
and dimensions, the CVF data vary from 0.14 up to 0.63 in the micrographs. It is worth
noting that the adopted welding process is a commercial one, which inherently introduces
variability in the microstructure due to local differences in solidification conditions. To
provide context, the solidification of HCCI alloys is well understood in terms of equilibrium
phase diagrams, as extensively discussed in the literature [47,48]. However, in commercial-
grade materials, deviations from idealized solidification behavior are common due to the
impact of real-world processing parameters, and understanding these deviations is essential
for optimizing the performance of commercially manufactured components. Based on this
experimental evidence, the CVF parameter was evaluated for both sample series tested
with UF and M powders, respectively. The CVF was averaged on the surfaces of each
sample series, i.e., covering a total area of about 54 mm2. The results are collected in Table 3,
which shows that the samples of the erosion tests had comparable CVF values. Such an
outcome enables testing samples with comparable microstructure and, thus, only deals
with the effect of particle dimension of the erodent powder.
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Figure 5. Representative OM micrographs of the varying morphology of primary carbides within the
microstructure: (a–c) displays the variations in carbide morphologies and dimensions.

Table 2. CVF values of the representative OM micrographs in Figure 5.

Micrograph CVF = AC/ATOT

a 0.14
b 0.63
c 0.42

Table 3. Erosion tests conditions and results: mean CVF values of the samples, kinetic energy,
and ERs.

Sample Series CVF = AC/ATOT Kinetic Energy [J] ER [μg/g]

UF 0.30 ± 0.14 6 × 10−8 63.9
M 0.29 ± 0.12 2 × 10−7 4.1

Table 3 also reports the condition (constant kinetic energy) and the obtained results
(ERs) of the erosion tests. As seen, for the UF powder, the ER resulted in 63.9 μg/g, whereas
for the M powder, the ER resulted in 4.1 μg/g. These outcomes highlighted that the CVF
parameter is insufficient to account for the erosion resistance of the material. It is worth
noting that by keeping the substrate characteristics (i.e., CVF), erodent powder type, and
kinetic energy of the impacting particles constant, the result is 16 times greater ER for the
UF powder. Based on these experimental findings, it emerges that for the investigated
ARD-HCCI tribology coupling, the ER cannot be assessed according to the known literature
models [2] where kinetic energy drives the magnitude of the damaging process.

To gain a deeper understanding of the wear damage that occurred, the worn surfaces
were analyzed using a 3D digital microscope. Representative images, summarized in
Figure 6, provide an overview of damage propagation across the matrix and carbides,
effectively highlighting key differences in erosion behavior. From the comparison between
the eroded surface of the HCCI exposed to ARD powder with a mean particle diameter of
4.8 μm (Figure 6a), i.e., UF powder, and with a mean particle diameter of 25.5 μm (Figure 6c),
i.e., M powder, the difference in wear damage is evident. Consistent with the ERs data,
the surface of Figure 6a exhibits remarkable wear damage with pronounced deformation
features, including deep grooves. Such large-scale erosion marks suggest the particles’ flow
direction (from the top to the bottom in the image). By contrast, the surface morphology
resulting from erosion by ARD powder with a mean particle diameter of 25.5 μm (Figure 6c)
displays negligible deformation since the original microstructural features are still evident.
Such outcomes are also confirmed by the high-magnification images reported in Figure 6b,d.
The close-up of Figure 6b, which is a magnified view of the area depicted in Figure 6a,
provides further evidence of the highly localized stresses upon impact, leading to material
removal, confirming the severe abrasive wear mechanisms at play. The increased impact
velocity of UF powder leads to more substantial material displacement compared to
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the lower impact velocity associated with M powder, as seen by the comparison with
the enlarged view of Figure 6d. This image highlights the smoother, eroded surface,
suggesting a gradual material removal without significant plastic deformation due to the
lower impact velocity.

 
Figure 6. Digital microscope images of the worn surfaces: (a,c) low-magnification images of the
surface eroded by ARD powder with a dmean = 4.8 μm and with a dmean = 25.5 μm, respectively;
(b,d) high-magnification images of the surface eroded by ARD powder with a dmean = 4.8 μm and
with a dmean = 25.5 μm, respectively.

Finally, the surface texture of the worn surfaces is compared in the 3D isometric views
of Figure 7. As seen, these observations highlighted the contrasting erosion morphologies
resulting from the different sizes and velocities of the erodent particles. The surface eroded
by ARD powder with a dmean = 4.8 μm (Figure 7a) is more worn, as confirmed by the
areal surface roughness parameter Sa, i.e., the arithmetical mean height. For Figure 7a,
the Sa resulted in 2.24 ± 0.13 m, whereas for Figure 7b, it is 0.10 ± 0.02 μm. Hence, the
smaller particles produce deeply grooved textures and pronounced ridges, indicating
more aggressive material removal caused by the higher impact velocity that generated
concentrated localized stresses upon impact. This leads to significant surface deformation,
characterized by material displacement and detachment, and a rough topography marked
by sharp peaks and valleys. Such morphology is consistent with the abrasive nature of
high-velocity impacts, where the particles repeatedly erode the surface through mechanical
wear. In contrast, larger impacting particles, moving at a lower velocity, produce smoother
surfaces. The lower velocity reduces the severity of material removal. These contrasting
morphologies highlight the critical role of erodent particle size and velocity in determin-
ing erosion mechanisms. Smaller particles at high velocities amplify surface roughness
and material loss, while larger, slower particles predominantly cause negligible localized
deformation, preserving much of the original surface integrity.
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Figure 7. 3D isometric views of the worn surfaces eroded by ARD powder with: (a) dmean = 4.8 μm
and (b) dmean = 25.5 μm.

4. Conclusions

This study analyzed the solid particle erosion resistance of a high chromium cast
iron, focusing on the combined role of microstructural features and the kinetic energy of
impacting particles. The following conclusions can be drawn based on the experimental
outcomes resulting from both microstructural investigations and erosion tests.

- detailed quantitative microstructural analyses revealed that the CVF parameter was
comparable across samples;

- erosion tests comprised two mean particle diameters of the ARD powder
(dmean = 4.8 μm, labeled as UF, and dmean = 25.5 μm, labeled as M). Tests con-
ducted at equal particle kinetic energy and CVF revealed varying damage levels in
the substrates, highlighting that impact conditions, particularly velocity, outweigh
the contribution of CVF alone. With UF powder, the HCCI substrate experienced
markedly higher erosion rates (ER = 63.9 μg/g), characterized by severe surface dam-
age and localized material removal. Conversely, M powder promoted lower erosion
rates (ER = 4.1 μg/g) with minimal deformation;

- the erosion tests demonstrated a significant dependence of ER on the size and ve-
locity of erodent particles, with smaller, faster particles causing more severe erosion
(ER = 63.9 μg/g) due to their higher localized impact. Conversely, larger particles
produced less pronounced wear (ER = 4.1 μg/g), inducing negligible deformation
since the original microstructural features are still evident.

This study addresses critical gaps in the understanding of SPE behavior in HCCIs, pro-
viding valuable insights for optimizing the design and processing of HCCIs. The research
sheds light on the interplay between carbide morphology, distribution, and SPE behavior, a
partially underexplored area. By demonstrating how substrates with identical CVF exhibit
varied erosion resistance due to differences in morphology and distribution, the study
provides valuable insights for tailoring HCCI microstructures to enhance performance in
demanding erosive environments.
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Abstract: The influence of laser beam welding parameters (power, welding rate, focusing, head
oscillation, shielding gas) on the microstructure, mechanical properties and corrosion resistance of the
super-duplex stainless steel SAF 2507 was studied in this paper. The presented results clearly report
the effects of welding parameter changes on the character of the steel’s microstructure. The presence
of secondary phase M2N in weld metals has an important influence on their mechanical properties.
Optimal mechanical properties, an acceptable ferrite/austenite ratio, and the minimum content of
M2N nitride required in the weld metal were acquired in the case the following application: 1100 W
power, welding speed of 10 mm/s, focusing of 4 mm, and pure nitrogen shielding gas (20 L/min).

Keywords: super-duplex stainless steel; welding; microstructure; precipitation; mechanical properties;
corrosion

1. Introduction

Duplex stainless steels (DSSs) and super-duplex stainless steels (SDSSs) are high-
strength, corrosion-resistant materials extensively utilized in industries such as nuclear
power, petrochemicals, marine applications, and fertilizers, especially in cryogenic envi-
ronments. Their fine duplex microstructure, characterized by austenitic islands within a
ferritic matrix, enhances both their mechanical properties and corrosion resistance [1–5].
Optimal properties in DSSs and SDSSs are achieved with an approximately 50% ratio of
each phase. This balance between ferrite and austenite is primarily attained by adjusting
the contents of chromium, nickel, and nitrogen, along with appropriate heat treatment. The
significant presence of chromium, molybdenum, and nitrogen in these duplex alloys pro-
vides exceptional resistance to pitting corrosion in chloride-containing environments, while
the relatively lower nickel content enhances their resistance to stress corrosion cracking
compared to conventional austenitic stainless steels [6–13].

Duplex stainless steels offer a superior combination of mechanical properties and
corrosion resistance compared to single-phased ferritic or austenitic stainless steels. These
materials are primarily based on the Fe-Cr-Ni system and typically consist of two phases in
roughly equal volume fractions: ferrite and austenite. Along with iron (Fe), chromium (Cr),
and nickel (Ni), they also include various other elements that act as stabilizers for either
the ferrite (such as molybdenum (Mo) and silicon (Si)) or the austenite (including nitrogen
(N), carbon (C), manganese (Mn), and copper (Cu)). The effectiveness of these elements as
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ferrite or austenite stabilizers can be quantified using chromium and nickel equivalents
(Creq and Nieq), as outlined in Equations (1) and (2) [14]:

Creq = Cr + 1.37Mo + 1.5Si + 2Nb + 3Ti (1)

Nieq = Ni + 0.3Mn + 22C + 14.2N + Cu (2)

By using Creq and Nieq, it is possible to predict the solidification sequence or mode:

(1) Creq
Nieq

= 1.38 − 1.50 : L → L + γ → L + γ + δ → γ + δ (austenitic-ferritic mode—AF)

(2) Creq
Nieq

= 1.50 − 2.00 : L → L + δ → L + δ + γ → δ + γ (ferritic-austenitic mode—FA)

(3) Creq
Nieq

> 2.00 : L → L + δ → δ (ferritic mode—F)

The ratio of ferrite to austenite content can be altered during the welding of duplex
stainless steels (DSSs) and super duplex stainless steels (SDSSs). It is important to note that
an austenite content of below 25% is typically deemed unacceptable for most industrial
applications. The primary concern is that an excessively high ferrite content in both the
heat-affected zone (HAZ) and the weld metal (WM) leads to a reduction in toughness and
corrosion resistance [8,14–17].

Heat treatment of duplex stainless steels (DSSs) and super duplex stainless steels
(SDSSs) at temperatures ranging from 320 to 950 ◦C can lead to property degradation
due to the precipitation of brittle intermetallic phases, such as the sigma phase, chi phase,
M23C6 carbide, or M2N nitride (Figure 1) [18]. Research indicates that the sigma phase
is particularly detrimental, as it adversely affects both weld toughness and corrosion
resistance [12,13,19–25].

 

Figure 1. Precipitation diagram of the duplex stainless steels Reprinted from Ref. [18].

Numerous studies have investigated the welding of super duplex stainless steels
(SDSSs) using various techniques, including Gas Tungsten Arc (GTA), Shielded Metal Arc
Welding (SMAW), Plasma Arc Welding (PAW), Friction Welding (FW), Laser Beam Welding
(LBW), and Electron Beam Welding (EBW) [26–29]. Research has shown [1,8,9,15,30,31]
that fusion welding processes can adversely affect the desirable duplex microstructure of
stainless steels, leading to the formation of harmful secondary phases. Furthermore, fusion
welding typically results in increased ferrite content and the development of coarse grains
within the weld joints, which can compromise both the corrosion resistance and mechanical
properties of the welded assemblies.

Laser Beam Welding (LBW) is particularly effective for thicker sections due to its
ability to enhance labor productivity, achieve a higher depth-to-width ratio in weld joints,
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and minimize residual stress and distortion. Additionally, LBW often results in a reduction
of secondary phases in the fusion zones.

Laser welding parameters can be precisely controlled and adjusted, allowing for the
tailoring of heat input during the welding process [32,33]. This means that the cooling pro-
cess can also be managed through these parameters to achieve the desired microstructure.
Fiber lasers possess several key characteristics that make them ideal for welding appli-
cations. They offer excellent beam quality and operate at a short wavelength. The small
diameter of the fiber results in a very fine beam focus, enhancing the laser’s effectiveness.
Due to the favorable properties of the laser beam, it is possible to weld at high speeds
while still achieving adequate penetration. The short wavelength of the laser allows for
effective absorption by nearly all metals and alloys. By leveraging these advantageous
beam parameters along with high radiation absorption, it is feasible to transition from
keyhole welding to laser welding simply by adjusting the welding parameters.

In laser welding, the heat input is primarily influenced by three factors: the absorption
of laser beam irradiation, laser output power, and welding speed. Absorption is challenging
to modify, as it is closely linked to the wavelength of the laser beam and the type of material
being welded. Consequently, heat input can mainly be controlled by adjusting the laser
output power or the welding speed. Specifically, as welding speed increases, heat input
decreases, and vice versa. Increasing the laser output power results in greater heat input
into the welded material. Since the welding speeds in laser welding are typically much
higher than those used in conventional arc welding, the overall heat input to the material
is significantly lower. This leads to a much higher cooling rate in laser welds compared to
arc welds, resulting in distinct microstructural changes in the weld metal [31,32,34–39].

In this study, Laser Beam Welding experiments were conducted on super duplex
steel DSS2057 sheets, employing a wide range of welding parameters. The impact of
these parameters on various aspects, including the textural changes, penetration depth
of the welded joints, fusion zone (FZ) width, and heat-affected zone (HAZ) width, was
investigated. Changes in the microstructure of the base material (BS), FZ, and HAZ were
characterized using light microscopy, scanning electron microscopy, and transmission
electron microscopy. The resulting microstructures, along with the corrosion resistance,
hardness, ultimate tensile strength, ductility, and corrosion behavior, were thoroughly
evaluated. Additionally, the results from the tensile strength tests were correlated with the
analysis of the fracture surface morphology of the test specimens.

2. Materials and Methods

The current investigations utilized 2 mm-thick sheets made from commercially avail-
able super-duplex stainless steel SAF 2507 (Sverdrup Steel AS, Stavanger, Norway). The
chemical composition of the experimental steel is detailed in Table 1 (material sheets
sourced from the supplier). The material supplier also provided the thermo-physical
and minimum guaranteed mechanical properties in accordance with the relevant ASTM
standards. The as-received sheets contained approximately equal contents of ferrite and
austenite (Figure 2) (material sheets the supplier).

Table 1. Chemical composition of experimental steel SAF 2507 (wt. %).

Chemical Composition (wt. %)

C Cr Ni Mo N Mn Si P S Fe

Experimental
SAF 2507 steel

max.
0.03 21.0–23.0 4.5–6.5 2.5–3.5 0.8–2.0 max.

2.0
max.
1.0

max.
0.03

max.
0.02 balance
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Figure 2. SEM analysis of the experimental steel.

The specimens were securely clamped to the fixture using sheets and clamps (see
Figure 3a) to prevent any undesirable distortion that can occur during the welding process.
Butt joints were created with no gap between the specimens, and the welding direction
was set perpendicular to the sheet’s rolling direction. A schematic illustrating the shielding
of the welded joints is provided in Figure 3b. The welding experiments utilized a 5 kW
IPG YLS-5000 fiber laser (IPG Laser GmbH, Burbach, Germany), equipped with a 100 μm
optical fiber (IPG Laser GmbH, Germany) and a focal length of 250 mm. A dual shielding
gas configuration was employed to maintain a stable keyhole throughout the welding
process. In total, twelve welded joints were produced, each of them with different welding
parameters. Based on the experiment where 12 samples were made, the following samples
were selected after visual inspection. The four samples A, B, C, D (Table 2) with different
content of austenite in the weld metals were chosen for the detailed material analysis.

 

 

 

(a) (b) 

Figure 3. Fixing system of specimens (a), a schematic showing the LBW process (b).

Table 2. Laser welding parameters.

Sample Power (W)
Welding Speed

(mm/s)
Focusing

(mm)
Head Oscillation

(mm)
Shielding Gas

(L/min)

A 800 10 0 - N (20)
B 1100 10 4 - N (20)
C 500 7 0 2–1 N (20)
D 500 7 0 2.5–0.7 NH (20)

N—Pure Nitrogen, NH—Nitrogen + 10% Hydrogen.
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For the keyhole welds, a laser output power in the range of 0.45–1.2 kW at weld-
ing speeds of 5, 7, 10 and 15 mm/s was used. Welds were made on plates of the size
2 100 × 100 mm (thickness × width × length). The heat input to the laser weld joint was
calculated using the formula Q = μP/v, where Q denotes the heat input (J/mm), P rep-
resents the power of the laser beam (W), v is the welding speed (mm/s), and μ is the
absorption coefficient of the laser irradiation in keyhole welding mode. A value of g = 0.9
was considered in the current study based on the literature data [40]. The heat input of
the laser weld was calculated using an absorption rate of 90% for keyhole welding. In
our experiment, three welding modes were used: 1—without rocking, 2, 3—with rocking
(Table 3). The mode represents the trajectory (red line) along which the laser beam moved.
Welding modes were used to increase the heat input to the weld pool and reduce the
cooling rate.

Table 3. Welding modes used in experiment.

Welding Mode 1 2 3

Dimension X (mm) 1 1 0.7
Dimension Y (mm) 0 1 1.25

Heat input Q (J/mm) Q Q.1.414 Q.2.046
Weld joint No. A, B C D

Q = 0.9.P/v (J/mm).

Cooling rates calculation:

R = −2πκρC
(

vs
Pη

)2

(T − T0)
3 (3)

in this context, R represents the cooling rate (K/s); T denotes the transformation tempera-
tures of δ-γ (1473 K and 1073 K, equivalent to 1200–800 ◦C); T0 is the room temperature
(293 K); κ signifies thermal conductivity (14 W/mK); ρ is the material density (7800 kg/m3);
C refers to the specific heat (490 J/kgK); v indicates the welding speed (m/s); s is the
thickness of the welded specimen (0.002 m); P represents the laser beam power (W); and η
is the absorption coefficient (0.9) [31].

The calculated cooling rate R (Table 4) for Samples A–D in the range of 1200 to 800 ◦C
is important for the phase composition of the weld metal/fusion zone.

Table 4. Cooling rates in experiment.

Weld Joint No. A B C D

R1200 (K/s) 426.2 225.4 267.4 127.7
R800 (K/s) 123.1 65.1 77.2 36.9

Microstructure analysis

The specimens intended for light microscopy (LOM) examination were first ground
using a series of metallographic emery papers up to 1200 grit (Böhler, voestalpine High
Performance Metals Slovakia, s.r.o., Martin, Slovakia), followed by polishing with a 1
μm diamond suspension. They were then chemically etched for 10 s using a solution
composed of 80 mL distilled water, 40 mL hydrochloric acid (HCl), 4.8 g ammonium bifluo-
ride (NH4HF2), and 1 g potassium disulfite (K2S2O5). Microstructural observations were
conducted using a NEOPHOT 32 light microscope (ZEISS, Jena, Germany) equipped with
a CCD camera. For the identification of specific secondary phases, transmission electron
microscopy (TEM) was employed on thin foil specimens. Small discs, 3 mm in diameter
and approximately 0.1 mm thick, were jet-electropolished in an electrolyte solution of nitric
acid and methanol (HNO3:CH3OH = 3:7) at 0 ◦C and 15 V to create transparent areas
near the central hole. The jet-electropolishing process was carried out using TENUPOL 5
apparatus (Struers GmbH, Roztoky, Czech Republic). TEM observations were performed
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with a JEOL 200 CX microscope (JEOL GmbH, Freising, Germany) operating at 200 kV
and a Philips CM 300 at 300 kV (Oxford instruments, Abingdon, UK), both equipped with
an energy-dispersive X-ray spectrometer (EDX) for microchemical analysis. Selected area
electron diffraction was also used for phase identification. Additionally, high-resolution
scanning electron microscopy (SEM) was performed on the fracture surfaces after tensile
testing, using a JEM 7600F microscope (JEOL GmbH, Germany) operating at 30 kV and
equipped with an X-ray spectrometer.

Ferric Chloride corrosion test

In this study, we employed the ASTM A923-06 standard—specifically, Method C,
for detecting detrimental intermetallic phases in duplex austenitic/ferritic stainless steels,
using a ferric chloride corrosion test to classify duplex stainless steel structures [41]. The test
solution was created by dissolving 100 g of reagent-grade ferric chloride and FeCl3.6H2O in
900 mL of distilled water, resulting in approximately 6% FeCl3 by weight. Prior to testing,
the pH of the solution was adjusted to around 1.3 using hydrochloric acid (HCl). Samples
measuring approximately 50 × 25 mm were prepared by dry grinding to a 120-grit finish,
in line with ASTM A923-06 requirements, followed by rinsing with acetone. Before the
corrosion tests, the samples in their as-fabricated state were also ground to 120 grit. Each
sample was weighed to the nearest 0.0001 g using an analytical balance KERN ALS 250-4A
(Mettler-Toledo s.r.o., Bratislava, Slovakia), and dimensions were measured accurately.
Testing was conducted in glass beakers containing at least 600 mL of the prepared solution.
The test temperature was maintained at 40 ◦C (104 ◦F) with an accuracy of ±1 ◦C. Each
sample was immersed for 24 h, after which they were cleaned, rinsed, and dried. The
samples were then weighed again, and the corrosion rate was calculated in mg/dm2/day
(mdd) based on the weight loss and total surface area [41]:

corrosion rate (mdd) =
weight loss (mg)

[specimen area (dm2).time (days)]
(4)

If the specimen shows a corrosion rate in excess of 10 mdd, one retest on two new
specimens from the same product is permitted. No retest specimen shall exhibit a corrosion
rate in excess of 10 mdd. The critical temperature was defined as the highest temperature
at which the corrosion rate was below this limit.

Tensile test

The mechanical properties of the materials and weld joints were evaluated using a
WPM ZDM 5/91/U2B tensile testing machine (VEB Thüringer Indust., Rauenstein/HBM,
Germany), which has a maximum load capacity of 100 kN at room temperature. The
measurement system is equipped with a dynamometer and a SPIDER 8 strain apparatus,
allowing for the digitization of the measured data. Tensile test specimens were cut from
the welded sheets using a water jet machine to avoid any unwanted thermal effects on
the weld joints. A total of three specimens were tested for each combination of welding
parameters, and the mean values along with the standard deviations of the collected data
were calculated.

3. Results

3.1. Macrostructure and Microstructure Analysis

Cross section macrographs of the laser beam weld joints produced using optimized
weld parameters are presented in Figure 4. Welds of the samples were relatively homo-
geneous, with full penetration and without observable discontinuities. Also, there were
not any cavities or pores in penetration, although the base material of the SAF 2507 super
duplex stainless steel was alloyed with nitrogen, and there is risk of porosity in laser beam
welding. With increasing diameter oscillations of the laser beam, the thickness of the
penetration increased. The observed surface welds were without imperfections. The HAZ
of the experimental weld joints observed in the macrographs did not correspond to any
significant modification (Figure 5). The microstructure of the HAZ was similar to that of the
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base material. Remarkable changes were observed only in the high-temperature HAZ close
to the fusion line. Increases in ferrite contents and growth of the grains were observed.

Weld 
No. 

Laser 
Beam 
Power 

(W) 

Welding 
Speed 
(mm/s) 

Focal Po-
sition 
(mm) 

Shielding 
Gas/Flow 

Rate 
(L/min.) 

Mode/Heat 
Input 

(J/mm) 

Weld 
No. 

Laser 
Beam 
Power 

(W) 

Welding 
Speed 
(mm/s) 

Focal Po-
sition 
(mm) 

Shielding 
Gas/Flow 

Rate 
(L/min.) 

Mode/Heat 
Input 

(J/mm) 

Weld Face—Root Surface—Cross Section Weld Face—Root Surface—Cross Section 
A 800 10 0 N/20 1/72 C 500 7 0 N/20 2/90.9 

        
B 1100 10 4 N/20 1/99 D 500 7 0 NH/20 3/131.5 

       
N—Pure Nitrogen, NH—Nitrogen + 10% Hydrogen. 

Figure 4. Weld face, root face, and cross section of joints produced with laser beam welding with
different parameters (Samples (A–D)).

  

  

Figure 5. Cross-section of LB weld joints showing different welding regions: weld metal (WM), heat
affected zone (HAZ), and base metal (BM) in the experimental samples: (a) Sample A, (b) Sample B,
(c) Sample C, (d) Sample D.

The optical micrographs of the weld joints acquired at higher magnifications show
the individual characteristic regions of the weld joints (BM, HAZ, and WM), as shown in
Figure 6. The microstructure of the BM was duplex, with approximately equal volumes of
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both ferrite and austenite phases. Grain boundaries were without the presence of secondary
phases. The observed microstructure was typical for the solution annealed material state.
The weld joints were characterized by narrow HAZs, and the width of the HAZs ranged
between 10 and 50 μm (Figure 6). The material inside the HAZs manifested clear, evident
growth of ferritic grains. This grain growth influenced the epitaxial growth of the columnar
ferritic grains in the weld metal. The microstructure of the WM was formed by the ferritic
matrix and the austenitic grains, which were at the columnar grain boundaries of the
ferrite. Small austenitic grains of a regular geometric shape were observed inside the
ferritic grains, too.

(a) 

(d) (c) 

(b) 

Figure 6. Microstructure of the LB experimental weld joints—WM, HAZ, and BM: (a) Sample A,
(b) Sample B, (c) Sample C, (d) Sample D.

Figure 7 demonstrates the X-ray diffraction spectrum of the experimental steel (A—
austenite and F—ferrite). Figure 8 shows TEM micrographs of the microstructures of the BM.
The ferritic and austenitic grains are visible, and their grain boundaries and interiors are
completely free from precipitates. The austenitic grains (Figure 8a) were almost completely
free of lattice defects such as dislocations or twins. On the other hand, the ferritic grains
in Figure 8b manifested a certain dislocation density. No precipitates were found in the
material. One can thus summarize that the material state in Figure 8 corresponds well
to near-equilibrium, which can be obtained by solution annealing, for instance. In other
words, the TEM observations confirmed the results of the light microscopy examinations,
as Figure 6 illustrates.

The WM microstructure consists of ferrite grains that are oriented parallel to the heat
flux during welding. A network of austenite at the ferritic grain boundaries is well-visible
on the micrographs. The characteristic EDS spectrum of austenite and ferrite is shown in
Figure 9. Also, intragranular austenite or Widmanstätten austenite was formed in the form
of needles (Figure 10).
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Figure 7. X-ray diffraction spectrum of the experimental steel (A—austenite and F—ferrite).

Figure 8. TEM image of BM: (a) details of polyhedral austenitic (A) and ferritic (F) grains, (b) details
of dislocations inside the ferritic grain.

  

Figure 9. The EDS spectrum of austenite and ferrite measured in the weld metal region of Sample C.

The main object of the SEM analysis was to determine the volume fraction of austenite
in the WM. Table 5 summarizes the austenite volume fraction in the weld metal of differently
welded specimens. The samples made using the oscillating movement of the laser head
were the ones with acceptable values of the volume fraction of austenite, in the range of
40–50%. Through the use of the oscillating motion of the laser head, we can achieve a
suitable volume fraction of austenite. We reached this in Samples C and D. The increased
heat input followed by slower cooling of the weld metal was due to the positive effect on
the ferrite transformation to austenite.
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Figure 10. SEM micrographs showing the microstructure of the welded joints: (a) Sample A, (b) Sam-
ple B, (c) Sample C, (d) Sample D.

Table 5. Austenite volume fraction in the weld metal.

Sample Fraction (vol. %) Heat Input (J/mm)

A 28.6 ± 3.5 72
B 42.0 ± 2.8 99
C 53.5 ± 4.7 90.9
D 43.3 ± 3.6 131.5

The characteristic EDS spectrum of austenite and ferrite is shown in Figure 9. Table 6
summarizes the results of the statistical measurement of the chemical composition of the
austenitic and ferritic regions in the EDS weld metal. At least 20 measurements were taken
from each characteristic area of the weld metal.

Table 6. Results of the chemical composition ferritic and austenitic areas in the weld metal (Sample C).

Measured Area
Chemical Composition (wt. %)

Si Cr Fe Ni Mo

Ferrite 0.5 ± 0.1 26.2 ± 0.5 60.1 ± 1.1 6.9 ± 0.4 6.4 ± 0.8
Austenite 0.6 ± 0.1 26.6 ± 0.5 60.7 ± 0.8 7.7 ± 0.5 4.4 ± 0.4

The TEM micrographs in Figure 11 clearly delineate the microstructural differences
between the weld metal of the differently welded samples. The microstructure of the weld
metal of Sample A was composed of ferritic grains (denoted as “F”), intergranular austenite
(denoted “A”), and Widmanstätten austenite, Figure 11a and the needles of Widmanstätten
austenite had a thickness between 200 and 500 nm. It is also shown that the austenite
contained a very low dislocation density. On the other hand, a much higher dislocation
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density is a typical feature of ferritic grains’ microstructure, Figure 11b. In addition,
the microstructure inside the ferritic grains manifested clear indications of early-stage
precipitation, since very small coherent clusters/precipitates identified nearby dislocations.
The size of the clusters was in the range from 50 to 400 nm. At this point, it should be noted
that Sample B had a very similar microstructure. The microstructure shown in Figure 11c,d
depicts the weld metal of Sample C. Coarser particles were observed in the ferritic matrix.
The size of the precipitates was in the range of 250 to 1800 nm. These relatively coarser
particles, also observed in Sample D, were identified by electron diffraction as M2N nitride.
The characteristic EDS spectrum of M2N nitride is shown in Figure 12.

 

Figure 11. TEM micrographs showing details of the WM microstructure: (a) overview image of
Sample A—austenite (A) at the ferritic grain boundary, (b) details of the ferritic (F) matrix—Sample A,
(c) general view of the microstructure of Sample C—precipitates (P) inside the ferritic grain, (d) details
of ferritic matrix with precipitates—Sample C.

Figure 12. The characteristic EDS spectrum of M2N nitride (analyzed using the TEM Philips 300CM
and EDS Spectrometer, Oxford, UK).
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3.2. Corrosion Test

The negative values can be seen from the results of the weight loss. These values
present impurities on the samples after being tested from the environment or from the
actual solution. The positive values present the corrosion loss, which was relatively small.
None of the samples exceeded the critical value of the corrosion degree of 10 mdd. The
test results indicate corrosion resistance in accordance with ASTM A 923-06 at the test
temperature of 40 ◦C (104F).

The results of the ASTM A923-06 method C corrosion test are summarized in Table 7.

Table 7. Weight loss and degree weight loss of the samples after corrosion resistance test.

Sample
Weight of Sample (g) Weight Loss

(g)
Sample Area

(dm2)
Corrosion Degree

(mdd)Prior to Test After Test

A 18.631 18.631 0 0.2894 0
B 19.585 19.585 0 0.2748 0
C 18.379 18.378 1 0.2774 3.6
D 17.115 17.116 −1 0.2644 −3.7

3.3. Hardness

Hardness measurements were carried out in the longitudinal direction on the cross-
section of the weld joints. Figure 13 summarizes the results of the hardness measurements.
According to the hardness trends, the values of hardness were about the same in all regions
of the weld joints. The average hardness of the base metal was 259 ± 6 HV1. The average
weld metal hardness (261 ± 10 HV1) was very similar to the base metal.

Figure 13. Hardness of weld joints in the longitudinal direction on the cross-section for
(Samples (A–D)).

3.4. Tensile Test

The results of the tensile tests are summarized in Table 8. It is shown that Sample B
manifests the best mechanical properties, i.e., the highest ultimate tensile strength at the
highest ductility. Although the austenite content in this sample was not the highest, the
values of ductility and the ultimate tensile strength were the highest of all the analyzed
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samples. The lower value of the mechanical properties of Samples C and D as well as the
area of quarry in the weld metal can be caused by the presence of needle precipitates inside
the ferritic grains. The load-displacement diagram created during the tensile test is shown
in Figure 14 for all samples.

Table 8. Values of tensile test of experimental steel weld joints.

Sample
Ductility

(%)
Tensile Strength

(MPa)
Area of Quarry

A 44.9 977.2 14 mm from the middle of the weld metal
B 48.5 978.9 18 mm from the middle of the weld metal
C 37.0 971.2 0.0 mm, quarry in the weld metal
D 31.5 954.4 0.0 mm, quarry in the weld metal

 

Figure 14. Shear strength test diagrams.

The SEM analysis of the fracture surface morphology showed the differences between
the samples. In Figures 15 and 16 are shown SEM fractographs of the surfaces of the
tensile test fracture obtained at room temperature. Equiaxed dimples of a rather uniform
size were observed, which is expected in ductile rupture; this is typical for ruptures in
the base metal (Figure 15a). The higher magnification view shows small dimples within
dimples of a moderate size and very tiny voids in the membrane separating the dimples of
moderate size (Figure 15b). There are almost no inclusions. A very similar fracture surface
morphology was observed in the case of Sample B.

Figure 15. Fracture surface morphology of the base metal after tensile test, observed by SEM
(Sample A), (a) ×500 magnification, (b) ×1000 magnification.
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Figure 16. Fracture surface morphology of the weld metal after the tensile test, observed by SEM
(Sample D), (a) ×500 magnification, (b) ×1000 magnification.

The SEM view image of the fracture surface of Sample D, Figure 16, shows a dimpled
rupture in some regions. However, there is a certain number of cleavage facets present on
the fractured surface, suggesting that the fracture propagated in a brittle manner in some
sites. Figure 16b shows a higher-magnification SEM image of the area with the presence of
a quasi-cleavage fracture. According to the size and shape of the area with quasi-cleavage
morphology, we suppose that this kind of rupture took place in the ferritic grains. Also, one
can suggest that the presence of a quasi-cleavage fracture could be attributed to needle-like
precipitates inside the ferritic grains of the weld metal.

4. Discussion

After the process of laser beam welding, super-duplex stainless steel was subjected to
material characterization. The influence of the changes in the welding process parameters
(power, welding speed, focusing, head oscillation, shielding gas) on the consequent changes
of the microstructure, phase composition, and mechanical and corrosion properties of the
super-duplex stainless steel was investigated.

The weld metal observed exhibited different contents of austenite in the range of 28.6
to 53.5%. The highest content of austenite was found in Samples C and D. For these samples,
the values of the heat input were 90.9 J/mm and 131.5 J/mm. One can expect a positive
effect of head oscillation on achieving a higher heat input and austenite content in the weld
metal. The cooling rates (solidification) of the weld metal are also important in the process
itself, in order to achieve the desired structure. However, the detailed microstructure
analysis by TEM showed the presence of big needle particles of M2N nitride in the weld
metal, which had a negative influence on the metal’s mechanical properties—its ductility
in particular.

Measurements of hardness did not reveal any significant differences in values for
the base metal, heat affected zone, or weld metals. These differences were manifested
during the tensile tests. The tensile strength and ductility of the analyzed samples differed:
Samples C and D showed lower values of ductility than in the case of Samples A and B.
This decrease in ductility can be caused by needle particles of nitride (M2N), which were
observed in the weld metal. SEM observations showed the influence of needle particles on
their characteristics. The presence of quasicleavage fractures was observed in the ferritic
matrix. An about 17% decrease in ductility was found in Sample D, where the biggest
needle particles were observed. For Sample D, a shielding gas was used in combination
with 90%N + 10%H. This can also result in a decrease in ductility in the weld metal. The
results of the corrosion test did not indicate any significant differences in the analyzed
samples. All samples were corrosion resistant. In our next work, we will be considering
the use of ASTM A923-06 Method B for a more accurate assessment of corrosion resistance
with regard to mechanical properties.
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Evaluation of the material analysis results indicated that the laser beam welding
process is a suitable technology for the fabrication of high-quality weld joints from super-
duplex steel. The optimization of welding parameters is very important for the fabrication
of weld joints with a suitable combination of mechanical and corrosion properties. We
found that the best parameters for our experimental steel were as follows: 1100 W power,
welding speed of 10 mm/s, focusing of 4 mm, and a pure nitrogen shielding gas (20 L/min).
The weld joint prepared according to the above-mentioned parameters exhibited the best
combination of mechanical and corrosion properties, a satisfactory microstructure, an
acceptable austenite content, and only small coherent clusters in the ferritic matrix, without
any degradation effect on its mechanical properties.

In following research works, the intention is to use a dual laser beam, where it will be
possible to distribute the energy of the beam and thus influence the cooling rate of the weld
metal. A positive effect in the formation of the ferrite and austenite phases is assumed.

5. Conclusions

In this study, experiments in Laser Beam Welding were conducted on super duplex
steel DSS2507 sheets using a diverse range of welding parameters. The effects of these
parameters on textural changes were investigated, focusing on the penetration depth of
the welded joints, the width of the fusion zone (FZ), and the width of the heat-affected
zone (HAZ). The microstructural changes in the base material (BS), FZ, and HAZ were
characterized using light microscopy, scanning electron microscopy, and transmission
electron microscopy. The resulting microstructures, along with properties such as the
corrosion resistance, hardness, ultimate tensile strength, ductility, and corrosion behavior,
were thoroughly evaluated. The findings from the tensile strength tests were correlated
with the analysis of the fracture surface morphology of the tested specimens. The following
conclusions can be drawn:

• The weld metal observed exhibited different content of austenite in the range of 28.6
to 53.5%. The highest content of austenite was found in Samples C—90.9 J/mm and
D—131.5 J/mm. We can expect a positive effect of head oscillation on achieving a
higher heat input and austenite content in the weld metal. The cooling rates of the
weld metal are also important in the welding process.

• The detailed microstructure analysis by TEM showed the presence of the big needle
particles of M2N nitride in the weld metal. It had a negative influence on its mechanical
properties, ductility in particular.

• The hardness measurements did not reveal any significant differences of values in the
base metal, heat affected zone, or weld metals. All samples were corrosion resistant.

• Differences were manifested during the tensile tests. Samples C and D showed lower
values of ductility. This decrease in ductility can be caused by needle particles of nitride
(M2N) in the weld metal. For Sample D, a shielding gas was used in combination
with 90%N + 10%H. This can also result in a decrease in ductility in the weld metal of
about 17%.

• From the experimental analysis, the results indicate that the laser beam welding
process is a suitable technology for the fabrication of high-quality weld joints from
superduplex steel. The optimization of welding parameters can be used to fabricate
weld joints with a suitable combination of mechanical and corrosion properties.
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Abstract: This study systematically analyzed the effect of design conditions on filling behavior and
product characteristics when forming thin plates of magnesium alloy (AZ91D) of 0.5 mm or less
using the die casting method. As a research method, a casting analysis simulation program was used
to predict filling and solidification behavior under various process conditions. The molten metal
injection temperature (610~670 ◦C), mold temperature (160~220 ◦C), and cooling water temperature
(10~55 ◦C) were selected as key variables, and an analysis was performed for a total of five conditions.
A simulation was conducted to analyze the charging speed distribution, location of oxides and
bubbles, and solidification pattern. As a result of the study, the flow of molten metal in the low
and high-speed sections of the plunger, uniformity of product thickness, and supply conditions
of the molten metal were confirmed to be major factors. It is important to manage the molten
metal injection temperature at an appropriate level to minimize product defects. Based on these
conditions, a prototype was manufactured, the microstructure was observed, and a fine and uniform
grain structure was observed in most areas. In mechanical property evaluation, superior physical
properties were secured compared to existing bulk materials.

Keywords: die casting; magnesium alloy; thin plate

1. Introduction

Recently, as environmental regulations have strengthened and demands for improved
energy efficiency, lightweight materials in transportation equipment, and miniaturization
have increased. Accordingly, the demand for aluminum and magnesium alloys, which are
lightweight materials, is greatly expanding. Magnesium alloys have the lowest density
among practical metals but exhibit excellent specific strength, as shown in Table 1, and are
attracting attention as next-generation lightweight structural materials [1–5].

Table 1. Comparison of properties of die casting alloys (Mg, Al, Zn).

Element Strength (MPa) Density (kg/m3) Specific Strength (MPa m/kg)

Mg 250 1.81 138
Al 315 2.7 2.7
Zn 221 6.6 33

Die casting is a process suitable for mass production of products with complex shapes.
As one of the main manufacturing processes for magnesium alloys, it is widely used in the
manufacturing of precision products such as automobile parts and electronic parts. Recently,
attempts have been made to achieve both weight reduction and thinning by forming
magnesium alloys through the die casting process [6–8]. However, magnesium alloy is
known to have many difficulties when casting thin plates due to its low fluidity and high
reactivity. In particular, to obtain thin plate products of 0.5 mm or less, securing uniformity
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of molten metal flow and controlling solidification defects are of utmost importance. To
achieve this, in addition to optimizing alloy composition and process conditions, systematic
analysis of various process factors such as mold and flow rate design, casting speed, molten
metal, and mold temperature, and gas emissions is required.

Because about 85% of defects that occur in the die casting process are caused by the
flow of molten metal, controlling the charging behavior of molten metal is of the utmost
importance. The shape and arrangement of the gate and overflow, as well as the design of
the cooling channel, are key factors that determine the charging behavior and solidification
pattern of the molten metal in the product [9–13]. Recently, with the development of CAE
(computer-aided engineering) technology, it has become possible to predict and optimize
the effects of these design variables in advance using casting simulation [14–18].

Ma et al. characterized the microstructure of castings produced through high-pressure
die casting using various parameters. The process was predicted through charging process
simulation and compared with the actual produced sample [19]. Chang et al. conducted
a casting simulation of magnesium alloy based on integrated computational materials
engineering. The low-pressure casting optimization process of magnesium alloy thin-
walled cylindrical parts was studied [20]. Li et al. optimized the die casting process
parameters through numerical simulation of the magnesium die casting filling process.
The optimized mold structure and process parameters were verified through die casting
experiments. The productivity of magnesium alloy castings was improved [21].

This study aims to optimize mold design for manufacturing 0.5 mm thin plate die-
casting products of magnesium alloy AZ91D. For this purpose, the following detailed goals
were set. We designed the optimal gate system, overflow, air vent, and cooling system for
sheet metal forming. Using a casting analysis program, we analyzed sheet metal filling
and solidification behavior according to major design variables such as spout, overflow,
and cooling channel. Based on the analysis results, an optimal design was derived and
applied to produce a thin plate prototype of AZ91D alloy with a thickness of 0.5 mm. By
evaluating the microstructure and mechanical properties of the manufactured prototype,
changes in material properties according to design conditions were studied, and an optimal
design plan for sheet metal forming was presented. Through this study, it is expected
that the mold design technology for thin-walled magnesium die casting manufacturing
and measures to reduce defects that may occur in the process can be put to practical use.
Additionally, research processes linking experimentation and analysis can be applied to the
optimization of other lightweight materials and precision casting processes.

2. Theoretical Background

2.1. Features of the Die Casting Process

Die casting is a process that mass-produces castings of complex shapes by injecting
molten metal into a mold at high pressure. During molding, the time it takes to fill the
cavity within the mold with molten metal is very short (0.01~0.1 s), and the solidification
speed is fast (30~100 ◦C/s). A product with a dense structure and excellent mechanical
strength can be obtained. In addition, thin products and complex shapes can be formed
relatively easily, making it suitable for producing products that require high productivity
and precision. It is applied to various fields such as automobiles, electronic products,
and household goods, and die casting production of aluminum and magnesium alloys
continues to increase due to increasing demand for lightweight materials.

The die casting process is largely divided into hot-chamber and cold-chamber methods.
The hot-chamber method has high productivity because the injection cylinder is immersed
in the molten metal and molten metal is supplied continuously. On the other hand, the
cold-chamber method is a method of supplying molten metal into a mold with a ladle and
is suitable for producing high-melting-point alloys or large products. The core mechanism
of the die casting process is schematized in Figure 1.
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Figure 1. Cold chamber die casting machine.

A typical die casting process consists of low- and high-speed filling, pressure solidifi-
cation, and ejection steps. In the low-speed stage, the air in the sleeve is discharged by the
plunger advancement, and after the high-speed stage, the molten metal passes through
the gate and fills the cavity. Within the cavity, the molten metal is cooled and solidified.
During solidification, shrinkage is compensated through pressurization, and after final
solidification, the mold is opened to extract the product. Plunger advancement is caused
by the operation of the accumulator and is expressed in Equation (1), where E = power
(kW), H = head (m), p = pressure (MPa), and Q = flow rate (m2/s).

E = pqHQ = pQ·103(kW) (1)

In general, about 85% of quality problems in die casting parts are caused by the flow
of molten metal, and the relationship between the pressure and flow rate of molten metal
can be expressed by the following Equation (2). If the flow rate is expressed by the fluid
continuity equation,

Qa = Qs = Qp, (2)

where, Qa is the accumulator flow rate, Qs is the hydraulic cylinder flow rate, and Qp is the
molten metal flow rate. Applying Bernoulli’s theorem,

Pa

ρa
+

υ2
a

2
=

Ps

ρs
+

υ2
s

2
, (3)

where, Pa is the accumulator pressure, ρa is the fluid density of the accumulator, va is the
accumulator flow rate, Ps is the hydraulic cylinder pressure, ρs is the hydraulic cylinder
fluid density, and vs. is the hydraulic cylinder flow rate. If the flow coefficient Ca is applied
under the conditions of Equations (2) and (3),

υa = Ca

√
2g(Pa − Ps)

ρs
, (4)

where, Ca is the accumulator flow coefficient and g is the gravitational acceleration. By
applying the continuity equation, the flow rate of the molten metal inside the plunger, vp
can be summarized as follows.

Aaυa = Apυp, (5)

υp =
Aa

Ap
Ca

√
2g(Pa − Ps)

ρs
, (6)

where, Aa is the cross-sectional area of the accumulator and Ap is the cross-sectional area
of the plunger. In this way, the flow of molten metal can be theoretically predicted using
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Equation (6) above, but the flow of molten metal changes based on the shape of the cavity,
the molten metal solidifies during filling, and heat exchange between the molten metal
and the mold also occurs. In addition, it is difficult to calculate theoretically because
the results vary due to pores caused by air mixing and segregation due to temperature
gradients. However, recently, die casting process simulation using CAE technology has
become common, which has significantly shortened the development period and cost by
predicting the occurrence of defects in advance and optimizing process conditions.

2.2. Properties of Magnesium Alloys

Magnesium is the lightest material among the practically used metals and has excellent
specific strength and castability. Because pure magnesium has low room-temperature
strength and corrosion resistance, its practical application is limited. To overcome this,
various alloys added with Al, Zn, Mn, etc. have been developed. The AZ91D alloy
adopted in this study is a representative magnesium alloy for die casting containing 9% Al,
1% Zn, and 0.15% Mn, as shown in Table 2. Al increases strength and heat resistance by
forming an intermetallic compound with Mg, and Zn contributes to strength improvement
through solid solution strengthening. Mn forms a compound with Fe and plays a role in
improving corrosion resistance. AZ91D alloy is easy to form into thin sections due to its
excellent castability, and it has mechanical properties of 230 MPa in tensile strength and
3% elongation. In addition, the microstructure consists of an α-Mg matrix and a β-Mg17Al12
intermetallic compound, and the formation mechanism and distribution of these phases
during the solidification process have a great influence on the final physical properties. The
microstructure development process under equilibrium and non-equilibrium solidification
conditions can be explained by referring to the phase diagram according to Al content.

Table 2. Types and chemical composition of alloys for die casting.

Element AZ91D ALDC12

Al 8.3~9.7 Bal.
Zn 0.35~1.0 1.0 or less
Mn 0.15 or higher 0.5 or less
Si 0.1 of less 9.6~12.0
Cu 0.03 or less 1.5~3.5
Ni 0.002 or less 0.5 or less
Fe 0.005 or less 0.9 or less
Mg Bal. 0.3 or less
Sn - 0.2 or less

2.3. Process Design Conditions for Sheet Metal Forming

To ensure the formability of thin plates in the die casting process, mold design and
process optimization that can comprehensively control the flow, solidification behavior,
and shrinkage defects of the molten metal are necessary. Through this, excellent quality can
be maintained by uniform filling of the molten metal and control of solidification shrinkage.
The most important design factors include the gate, overflow, air vent, and cooling channel.

2.3.1. Gate System Design

The gate is a passage through which molten metal flows into the mold, and it has a
direct impact on product quality and productivity. Because securing the fluidity of the
molten metal in a thin cavity is key in the case of thin plate products, a high gate speed (40 to
60 m/s) is required. The gate speed in the charging stage can be expressed as Equation (7),
where Ap is plunger tip cross-sectional area, Ag is the gate area, vi is the injection speed,
and vg is the gate speed.

υg = υi
Ap

Ag
(7)
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Here, the velocity times area is equal to the volumetric flow rate. When Wg is the
cavity filling weight, t is the charging time, and ρ is the molten metal density, the charging
time is Equation (8).

t =
ρ

Qg
=

Wg

V·υg·Ag
(8)

If the gate speed is too high, mold erosion or oxide mixing may occur. The charging
time must be set within an appropriate range.

2.3.2. Overflow and Air Vent Design

Overflow and air vent are very important elements in die casting mold design that
play a role in minimizing casting defects through uniform filling of molten metal and
discharge of air bubbles and oxides. In particular, optimal overflow and air vent design
are essential when casting thin plates of materials with low fluidity and fast solidification
speed, such as magnesium alloy. The overflow accommodates excess molten metal after
cavity filling is completed and prevents defects due to solidification shrinkage. In the case
of thin plate products, the overflow capacity relative to the product volume is around
20%. If the capacity is excessive, the coagulation time may be prolonged, and productivity
may be reduced. The overflow capacity should be designed with the minimum capacity
necessary to compensate for shrinkage. The thickness of the overflow should be 1.2 to
1.5 times the thickness of the product, but it is desirable to secure a minimum of 3 mm. The
location of the overflow is determined at the final filling part to facilitate the flow of molten
metal and promote the discharge of air bubbles. In the case of complex shapes, multiple
overflows are distributed to prevent local stagnation of molten metal. At this time, it must
be designed so that the molten metal arrives at the same time, considering the balance
between each overflow. The direction of overflow should be perpendicular to the cavity,
and, if necessary, tilted to facilitate discharge.

Air vents are used to suppress bubble defects by quickly discharging air and gases
within the mold. During high-speed charging, high air pressure inside the cavity can
interfere with the flow of molten metal. To effectively discharge air trapped in the cavity,
the spacing, depth, and width of the air vent must be optimized. The spacing of air vents is
usually less than 20 times the thickness of the product, but they are placed more densely in
the final charging area. The depth should be at least 1/2 of the product thickness, and the
width should be a uniform value of around 0.1 mm. The shape of the air vent is perpendic-
ular to the filling direction and is tapered to prevent backflow of molten metal. In general,
the taper angle is known to be in the range of 15 to 20◦. A backflow prevention pin can
be installed at the air vent entrance. Recently, there have been cases of improving exhaust
efficiency by applying vacuum suction-type air vents. Because additional facility invest-
ment and process control are required in this study, cost-effectiveness must be carefully
reviewed. For effective air vent design, preliminary flow analysis is essential. Through 3D
charging simulation, the optimal solution can be efficiently derived by predicting the air
pressure distribution according to the location and spacing of the air vent.

2.3.3. Cooling System Design

The cooling system is a key factor in controlling dimensional accuracy and mechanical
properties by controlling shrinkage and residual stress during solidification. In the case of
magnesium alloy thin plates, rapid cooling occurs due to their thin thickness. Therefore,
uniform cooling control is of the utmost importance to prevent the occurrence of defects.
To achieve this, optimal design of the cooling channel considering the shape and thickness
distribution of the product must be preceded.

For thin plate products, it is recommended to place cooling pipes with a diameter of
approximately 8 mm at 30 mm intervals. Considering heat transfer with the coolant, the
distance from the product should be around 20 to 25 mm, but it should be placed somewhat
further away from areas where shrinkage defects due to local overcooling are concerned. If
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necessary, channels may be divided, or shutoff valves may be installed so that the cooling
rate can be partially adjusted.

The temperature of the coolant is determined in the range of 20 to 30 ◦C, considering
the difference from the preheating temperature of the mold. If the temperature is too low,
caution is required, as deformation and stress may occur due to rapid cooling. Excessively
high temperatures can reduce the cooling efficiency and increase the cycle time. The
flow rate is generally 10 to 20 L/min depending on the channel diameter and product
thickness. However, this is only a theoretical calculated value, and deviations are bound to
occur in actual operating conditions. Feedback control through temperature monitoring is
necessary.

Meanwhile, the design of the cooling channel can be theoretically calculated based
on the heat capacity and shape of each product, mold material, etc. Cooling load (Q), heat
transfer coefficient (h), cooling area (A), and mold–coolant temperature difference (ΔT) can
be expressed as Equation (9).

Q = h·A·ΔT. (9)

The channel diameter and length that can satisfy this are calculated. However, not
only is this a very cumbersome task, but errors also occur depending on assumptions. In
recent years, design through filling and solidification analysis has become common, and
through 3D heat flow analysis, the temperature distribution within the product can be
predicted and the occurrence of local hot spots and cold spots can be identified in advance.
Based on this, a plan must be devised to adjust the location and density of the cooling
channel and apply auxiliary cooling means to the heat concentration area. In addition, to
ensure cooling uniformity in multiple cavities with different shapes and thicknesses, there
is a trend of considering balancing from the channel design stage.

The goal of cooling system design is to minimize residual stress and ensure dimen-
sional stability through a uniform cooling rate. However, this is by no means an easy task,
and it can only be achieved by complexly considering the effects of various factors such
as material properties, product shape, and process conditions. The attitude of pursuing
optimization through systematic analysis, data-based design, and continuous process mon-
itoring and feedback is most important. This is an area that should be recognized and
strengthened as a core technological competency, as it not only reduces defects, but also
directly leads to cost reduction and quality competitiveness.

2.3.4. Casting Analysis Simulation

Because complex physical phenomena occur in a very short time in the die casting
process, it is not easy to find optimal conditions through experimental approaches alone.
Recently, the development of CAE technology has made it possible to simulate the die
casting process, which can optimize process conditions and predict defects. Magma,
Procast, and Anycasting are widely used as commercial casting analysis programs. These
programs can link the charging and solidification processes of molten metal based on the
finite element method (FEM) or finite difference method (FDM). It is possible to predict
molten metal behavior according to key design variables such as gate, overflow, and air
vent, and to visualize defect occurrence patterns.

Based on the theoretical background, we are implementing analysis simulation tech-
nology and can optimize cooling conditions to minimize temperature changes within
the product by quantifying solidification time, temperature distribution, and shrinkage
patterns. In addition, residual stress and distortion can be evaluated in advance, greatly
reducing the time and cost required for mold modification. In addition, it is expected that
casting defects can be fundamentally suppressed by identifying locations where temper-
ature drop, or segregation occurs at the tip of the molten metal and reflecting this in the
mold design.

Because the simulation results are only approximate solutions under assumed bound-
ary conditions, comparison and verification with actual castings is essential. For highly
accurate analysis, the construction of a basic database on the physical properties of molten
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metal and mold materials, heat transfer conditions, and interface phenomena must be estab-
lished in advance. In addition, the analysis model must be advanced through continuous
feedback with experimental results that reflect the field conditions.

In this way, casting simulation technology can greatly contribute to overcoming
existing empirical methods and accelerating process optimization. Its effectiveness is
expected to be doubled in processes that require a high level of flow control, such as
thin plate die casting. This can be a shortcut to stably produce high-quality products
by establishing a design foundation through analysis and minimizing trial and error.
However, interpretation itself should not be the goal, but should be thoroughly recognized
and utilized as a tool forthe ultimate value of cost reduction and quality improvement.

3. Experiment Method

3.1. Optimizing Design Conditions through Simulation

In this study, we attempted to form 0.5 mm thin plate products using AZ91D material,
one of the magnesium alloys for die casting. To minimize trial and error and derive the
optimal mold design, analysis simulation was used, which enabled us to analyze filling and
solidification behavior for various design variables and predict the possibility of casting
defects. For the casting analysis simulation, Anycasting v6.9, a commercial program from
Anycasting Software, was used to conduct the analysis.

3.1.1. Experimental Conditions and Variables

The magnesium alloy used in the simulation was AZ91D, and the phase diagram of
the metal is shown in Figure 2. The liquidus and solidus temperatures were set at 595 ◦C
and 470 ◦C, respectively.

Figure 2. Mg-Al phase diagram.

The main experimental variables were molten metal injection temperature, mold
temperature, and cooling water inlet and outlet temperatures, which are conditions that
can be easily controlled on-site during actual product manufacturing. The experimental
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conditions were shown in Table 3. In addition, the charging behavior of the molten metal
was additionally observed by applying side and tunnel gates, respectively.

Table 3. Casting experimental conditions.

Sample Molten Metal Injection Temperature (◦C) Mold Temperature (◦C)
Coolant Temperature (◦C)

Inlet Outlet

CASE 1 640 190 25 40
CASE 2 670 220 25 40
CASE 3 610 160 25 40
CASE 4 670 190 10 40
CASE 5 610 190 40 55

The conditions of injection temperature has the following meaning. CASE 1 is a
casting condition for die casting that generally uses magnesium alloy and was intended
to be used as a standard by referring to the behavior shown in the simulation. CASE
2 and CASE 3 were set up to observe the difference in filling behavior at high and low
temperatures, assuming changes in mold temperature according to changes in injection
temperature. CASE 4 and CASE 5 changed the injection temperature but maintained the
mold temperature by controlling the temperature of the coolant and were determined to
compare the behavior according to the change in mold temperature due to the coolant.

In the gate method, a side gate was applied because it was impossible to change the
structure by combining the cast product with its counterpart. Although there are limits
to the area that can be selected depending on the shape of the casting, this experiment
attempted to observe the charging behavior when the molten metal was charged at high
speed by applying a tunnel gate to some sections.

3.1.2. Charging Behavior and Defect Prediction

Simulation was performed according to the above conditions, and the filling pattern
of the molten metal and the location of occurrence of bubbles and shrinkage defects for
each case were predicted. The physical properties of the AZ91D alloy used in the analysis
were applied to the analysis using conditions considering changes in physical properties
according to temperature, such as latent heat, density, and thermal conductivity, as shown
in Table 4.

Table 4. Physical properties of AZ91D alloy.

Property Unit Temp. Condition (◦C) AZ91D Properties

Density g/cm3 20 1.81
Linear thermal experimental coefficient μm/m·K 20–100 26

Specific heat of fusion kJ/kg 370
Specific heat kJ/kg·K 20 1.02

Thermal conductivity W/K·m 20 51
Electrical conductivity MS/m 20 6.6

The analysis model was constructed to include the product, runner, and overflow
areas. The element network was divided into a total of 12.9 million elements by applying a
hexahedral grid system. As a boundary condition, a temperature-dependent function was
applied to the heat transfer coefficient between the mold and molten metal, and default
settings were applied to radiation and convection heat transfer with the atmosphere.

We focused on predicting poor filling and pore defects, which can be vulnerable to
thin plate shapes. For this purpose, the molten metal behavior was intensively analyzed in
key areas such as areas around the gate and overflow, the corners of the product, and areas
with fast cooling rates. Charging defects that may occur in the final charging stage and
defects due to gas in the cavity were predicted. In addition, we attempted to optimize the
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process conditions required for sheet metal forming by comparing solidification patterns,
mold erosion, and oxide generation.

3.2. Prototype Production under Optimal Conditions

To facilitate the flow of molten metal, a gap was provided at the mold joint area such
as the hole shape inside the product to minimize metal boundary defects. Burrs, overflows,
gates, etc., were removed by trimming after casting production.

3.2.1. Materials and Equipment

An actual thin plate prototype was produced under optimal conditions selected based
on the simulation results. The used material was AZ91D magnesium alloy ingot, and it
was cast under the conditions of CASE 1. The die casting process used a cold-chamber-type
125-ton die casting machine, and a side gate was used as the gate. The gate into which the
molten metal was injected is shown at location 1 in Figure 3.

Figure 3. Microstructure observation positions (1–18) of the prototype.

3.2.2. Process Conditions

In the actual molding process, the temperature of the molten metal, mold temperature,
cooling temperature, and flow rate were determined to be the same as the conditions
of CASE 1 of the simulation. The melting furnace temperature was 680 ◦C to achieve
an injection temperature of 640 ◦C. The casting speeds were 35 cm/s at low speed and
380 cm/s at high speed, and the low-speed section was set at 80 mm and the high-speed
start section at 100 mm for a total sleeve length of 205 mm. The mold temperature controller
value was fixed to 300 ◦C to maintain the mold temperature at 190 ◦C, and spraying was
performed in stages of air 1 (0.3 s), release agent (0.2 s), air 2 (0.5 s), and air 3 (0.3 s). Under
these conditions, multiple prototypes were manufactured, and various characteristics were
evaluated. The tensile properties of 0.5 mm- thick specimens were evaluated using a
universal material testing machine (SHIMADZU, Kyoto, Japan). A total of 6 specimens
were manufactured, with 2 each at the left, right, and center positions centered on the thin
part with a thickness of 0.5 mm. Measurements were taken twice at each location, and the
average value was derived.
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3.3. Evaluation of Prototype Properties

To evaluate the characteristics of the manufactured prototype, mechanical properties
and microstructure were observed. By comparing the results analyzed through simulation,
it was assessed whether there were actual defects within the expected range.

3.3.1. Microstructure Observation

The microstructure of the prototype was observed using an optical microscope Nikon
TS100 (Nikon, Tokyo, Japan). For the observation location, the product was divided into
certain sections as shown in Figure 4, and tissue photos were then taken for each area and
the grain size and distribution of precipitates were compared and analyzed.

Figure 4. The location and dimensions of the 0.5 mm-thick, thin plate of the prototype.

3.3.2. Mechanical Property Measurement

Figure 4 shows the 0.5 mm-thick, thin plate part indicated in the drawing of the
prototype. It was 107.66 mm in width and 47.13 mm in height. The prototype for which
microstructure observation was completed, was used to measure the tensile strength
and hardness. The tensile properties of 0.5 mm-thick specimens were evaluated using a
universal testing machine and were performed under constant strain rate conditions at
room temperature. The specimens were manufactured by sampling at the left (5, 8, 11),
center (6, 9, 12), and right (7, 10, 13) locations centered on the thin-walled portion. Repeated
measurements were taken at each location to derive the average value.

4. Results and Discussion

4.1. Simulation Analysis Results

To derive the optimal conditions for 0.5 mm thin plate products of AZ91D magnesium
alloy, analytical simulation was used to analyze the filling and solidification behavior
of molten metal according to casting conditions and to predict the occurrence of cast-
ing defects.

4.1.1. Changes in Charging Behavior Depending on Design Conditions

The charging behavior was analyzed by applying the casting temperature change
previously determined in experimental conditions and variables to each condition. As
shown in the simulation results of the CASE 1 (Figure 5a) condition, the color indicates
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the charging time. The charging behavior spread rapidly from the center and bottom
of the product, and a fast-filling rate was observed from the gate to the thin section. In
addition, from the section after the thin-walled part, overall charging was uniform on
the left and right sides. The rib portion in the front direction was shown to be charged
late. This phenomenon appeared to be due to rapid charging of the molten metal and
the molten metal on the bottom being charged first. After charging the thin part, the ribs,
overflow, and chill vent were sequentially charged with molten metal. This shows the ideal
charging state. The simulation results of CASE 2 (Figure 5b) shows similar charging to
CASE 1 and because the conditions included a higher temperature than that in CASE 1, the
charging time of the molten metal was reduced by about 1.8%. The simulation results of
CASE 3 (Figure 5c) show that the charging behavior is like CASE 1, but the charging time
increases by about 6.6% due to low-temperature molten metal charging compared to CASE
1. Additionally, the simulation results for CASE 4 (Figure 5d) show the same results as
CASE 2. Likewise, it was confirmed that the simulation results of CASE 5 (Figure 5e) show
the same results as CASE 3. As a result, based on an injection temperature of 640 ◦C and a
mold temperature of 190 ◦C, under the conditions of 670 ◦C/220 ◦C in CASE 2, the overall
charging speed increased due to increased molten metal fluidity and the charging time was
shortened by about 1.8%. Under CASE 3 conditions of 610 ◦C/160 ◦C, the charging time
tends to increase by about 6.6% along with a decrease in speed. This is believed due to
changes in the viscosity of the alloy depending on the temperature. Meanwhile, in CASEs
4 and 5, where the coolant temperature was in the range of 10~40 ◦C and 40~55 ◦C, there
was no significant change in charging speed. Through this, the initial temperature of the
molten metal and mold had a dominant influence on the sheet filling behavior, and the
contribution of the cooling rate was relatively small. Under low-temperature conditions
below 610 ◦C, the risk of shrinkage defects would increase due to increased flow stagnation.

Figure 6 shows the results of a simulation by transforming the behavior of molten
metal into particles to predict the turbulence phenomenon or flow of molten metal. When
the side gate was applied, the molten metal showed normal charging behavior, while the
tunnel gate showed that the molten metal was charged along the ribs in the front direction.

It was confirmed that the injection method and molten metal and mold temperature
are important factors for molten metal filling in the die casting process.

4.1.2. Predicting Defect Occurrence Pattern

As a result of the simulation, the oxide distribution was as shown in Figure 7. It was
generally concentrated in the overflow and chill vents, and it appears that oxides may have
also been present in the ribs. As a result, it was confirmed that oxides were generated in the
area where charging ended. More oxides were identified in CASE 3 (Figure 7c) and CASE 5
(Figure 7e). Due to the slowing of charging behavior due to the low injection temperature,
the contact time between molten metal and air was prolonged, which is believed to have
had a more dominant effect on oxide formation.

As a result of the simulation, the distribution of bubbles was generally expected in
the overflow, runner, and gate, and the distribution and pressure of bubbles were found
to be the lowest in CASE 1 (Figure 8a) casting conditions. In addition, the number of
pores generated was high in the relatively low-temperature casting conditions of CASE 3
(Figure 8c) and CASE 5 (Figure 8e). This is believed to have been due to incomplete filling
due to reduced fluidity and the resulting shrinkage defects. Porosity was evident near the
edges of the product, and a local solidification delay was presumed to be the main cause.

Compared with CASE 1, the distribution of bubbles in CASE 2 (Figure 8b) casting
conditions was similar in distribution and size, but the pressure of the bubbles was high.
It appeared that the pressure increased as the mold temperature increased. In the casting
conditions of CASE 4 (Figure 8d), the pressure of bubbles was lower than that of CASE 1,
but the distribution of bubbles was found to be large. This phenomenon is believed to be
caused by shrinkage defects as the mold temperature decreased.
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(a) 

(b) 

Figure 5. Cont.
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(d) 

Figure 5. Cont.
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(e) 

Figure 5. Charging speed distribution according to casting conditions. (a) CASE 1, (b) CASE 2,
(c) CASE 3, (d) CASE 4, (e) CASE 5.

Figure 6. Charging behavior depending on gate type.

The simulation results of CASE 1 (Figure 9a) casting conditions showed a change in
temperature due to solidification after the filling of the product was completed. Coagulation
occurred first in the thin-walled area. Overflow, runner, etc., were the last to solidify.
In the product department, solidification of the middle part of the rib progressed last.
These results are believed to be caused by the fact that casting filling rate was slowest
for the ribs and the temperature at the top of the ribs was relatively low, resulting in
different solidification rates. Also, unlike other conditions, the casting conditions of CASE
3 (Figure 9c) and CASE 5 (Figure 9e) showed a faster solidification rate. These results are
believed to be due to a decrease in mold temperature during the solidification process
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caused by the relatively low injection temperature. As a result of the simulation, it was
confirmed that the mold temperature of CASE 1 was 228 ◦C and that of CASE 5 was 222 ◦C.

4.2. Characteristics of the Prototype
4.2.1. Influence of Microstructure

The microstructure of a 0.5 mm thin plate prototype produced under the casting condi-
tions of CASE 1 was photographed using an optical microscope. Table 5 shows the optical
micrographs of the numbered portions in Figure 3. A generally uniform microstructure
was observed. The primary α-Mg crystal grains became finer because of rapid cooling. The
β-Mg17Al12 precipitate phase was distributed in a network at the grain boundaries, and
some intermetallic compounds were also observed due to the addition of alloy elements.

 
(a) 

(b) 

 
(c) 

Figure 7. Cont.
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(d) 

 
(e) 

Figure 7. Oxide distribution during molten metal charging. (a) CASE 1, (b) CASE 2, (c) CASE 3,
(d) CASE 4, (e) CASE 5.

The grains of runner No. 1 in Table 5 were clearly different from those of other parts.
Considering that the crystal grains were large and dispersed, the thickness of this area was
the thickest at 7 mm. It is expected that this phenomenon occurred as cooling slowed down.
The microstructures of ingate Nos. 2, 3, and 4 had very fine crystal grain structures, and
crystal growth was suppressed due to the rapid cooling rate, allowing a fine and uniform
crystal structure to be observed. However, oxides or impurities that appeared dimly and
brightly were also observed. At the beginning of the thin plate molding section, fine
equiaxed crystal grain structures such as Nos. 5, 6, and 7 were observed, which is believed
to have been due to rapid precipitation caused by the cooling rate. The microstructures of
Nos. 8, 9, and 10, which were the midpoints of the sheet-metal-forming section, were the
same as Nos. 5 to 7, but the unevenness increased in some areas. In No. 9, fine shrinkage or
gas cavities were observed, which was believed to be a casting defect, but a uniform crystal
structure was distinguished in most areas. Segregation and pores in dark areas were found
in the microstructure of Nos. 11, 12, and 13 at the ends of the thin plate molding sections.
This was expected to be a casting defect, but the crystal grains were fine, which is believed to
have been due to the fast-cooling rate. A uniform equiaxed crystal structure was observed
in the microstructure of the end part No. 14 of the product, and stable cooling conditions
were observed. However, similarly to No. 12 and the microstructure, casting defects due
to segregation pores were observed. In the left and right out-gate microstructures Nos.
15 and 16, the grain size increased due to slow cooling, and precipitates due to increased
segregation began to form more clearly along the grain boundaries. Out gates Nos. 17 and
18 at the end showed diversity in the size and distribution of precipitates due to the rapid
flow of molten metal and non-uniformity of cooling conditions.
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(a)

(b)

(c)

(d)

Figure 8. Cont.
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(e) 

Figure 8. Prediction results of pore distribution according to casting conditions. (a) CASE 1, (b) CASE 2,
(c) CASE 3, (d) CASE 4, (e) CASE 5.

(a) 

 
(b) 

Figure 9. Cont.
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(c) 

 
(d) 

(e) 

Figure 9. Solidification behavior results according to casting conditions. (a) CASE 1, (b) CASE 2,
(c) CASE 3, (d) CASE 4, (e) CASE 5.

Almost no pores or shrinkage holes were found in the product, and a generally fine
and uniform crystal structure was observed. This is believed to be the effect of uniform
cooling and is interpreted as a result supported by the appropriate design of the spout,
overflow, and air vent. The fraction of oxide inclusions was also at a very low level, and
it was evaluated that the molten metal was effectively protected and purified. However,
uneven distribution of precipitates was observed in some areas, which is expected to be
due to variation in the cooling rate. The fine equiaxed crystal grain structure observed
earlier was due to an increase in the nucleation rate and inhibition of crystal growth due to
rapid cooling. By applying the model of the enthalpy method, it can be confirmed that the
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grain size predicted from the cooling rate under this experimental condition matched well
with the actual observation results.

Table 5. Microstructure of a thin plate prototype taken with an optical microscope.

Microstructure

Measurement
location 2 (Ingate left) 3 (Ingate center) 4 (Ingate right)

Microstructure

Measurement
location 15 (Outgate left) 1 (Runner center) 16 (Outgate right)

Microstructure

Measurement
location 17 (Outgate left) 14 (Product center) 18 (Outgate right)

Microstructure

Measurement
location 5 (0.5 mm left) 6 (0.5 mm center) 7 (0.5 mm right)

Microstructure

Measurement
location 8 (0.5 mm left) 9 (0.5 mm center) 10 (0.5 mm right)

Microstructure

Measurement
location 11 (0.5 mm left) 12 (0.5 mm center) 13 (0.5 mm right)

4.2.2. Influence of Mechanical Properties

The tensile properties of the 0.5 mm prototype manufactured under the casting condi-
tions of CASE 1 showed an average tensile strength of 190~220 MPa from room-temperature
testing, and excellent physical properties of at least 15% compared to existing bulk mate-
rials were observed. This is believed to be due to the grain refinement effect caused by
rapid cooling. However, differences in physical properties were observed depending on
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the prototype with casting defects. The strength of the center appeared to be somewhat
lower than that of the surface, which is presumed to be the effect of local segregation or
residual stress. Therefore, controlling the homogeneous microstructure is more important
than anything else to ensure the reliability of thin plate products.

Meanwhile, hardness was measured using Mitutoyo’s HM-100 model (Mitutoyo,
Kanagawa, Japan), and relatively uniform values of an average of 54 to 58 Hv were
obtained. However, the hardness itself was evaluated as not being very high. This was due
to the unique characteristics of AZ91D, and it is believed that research on more precise heat
treatment conditions is necessary to improve the strength and hardness.

5. Conclusions

In this study, a die casting process optimization method for manufacturing thin plate
products of magnesium alloy AZ91D of 0.5 mm or less was presented. The effects of casting
temperature and mold design variables on the quality of sheet metal were systematically
analyzed through pre-filling and solidification analysis using a commercial analysis pro-
gram. An actual prototype was manufactured by applying the derived optimal conditions,
and an evaluation of the microstructure and mechanical properties was performed.

As a result of the simulation analysis results and mechanical properties, it was found
that the occurrence of defects related to porosity and shrinkage was minimized along
with uniform filling behavior under the conditions of molten metal injection temperatures
of 640~670 ◦C and mold temperatures of 190~220 ◦C. In addition, the uniformity of the
molten metal filling flow within the thin plate was improved through optimal design of
the runner, gate, and overflow. It was confirmed that residual stress and deformation
due to cooling rate deviation could be minimized by optimizing the cooling channel
arrangement. Meanwhile, the 0.5 mm AZ91D alloy prototype manufactured under the
above conditions showed a fine and homogeneous grain structure. This is believed to be
due to the rapid cooling effect caused by high-speed charging. In addition, by securing the
tensile strength of 190~220 MPa, it was possible to implement excellent properties that were
15% higher than the existing bulk material. The hardness also showed a uniform value
of 54~58 Hv throughout the specimen, suggesting that quality stability can be improved
through improved tissue homogeneity.

The above results are significant in that they succeeded in producing 0.5 mm ultra-
thin plate products from magnesium alloys, which were previously considered difficult
problems. The optimized process conditions were applied through computer simulation,
and actual products were manufactured and verified based on this. The material’s unique
properties were implemented, and the occurrence of casting defects was suppressed.

However, for commercial product application, it is believed that long-term reliability
evaluation and improvement of mechanical properties through alloy design are necessary.
To expand demand in the transportation equipment field, which requires high strength
and corrosion resistance, it is essential to utilize advanced elements and combine surface
treatment technology. In addition, the development of bonding and coating technologies
that take material compatibility into account should be developed in parallel.

Meanwhile, the thin plate casting process optimization system established in this study
is expected to be applicable to other lightweight alloys and complex shape products other
than magnesium. This is because mold design optimization and experimental verification
processes based on filling and solidification simulation can greatly contribute to cost
reduction and shortening the development period.
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Abstract: AlCrFeNi multi-component alloys with excellent mechanical properties have been designed
and extensively investigated in recent years. The massive fabrication of sheets will be an effective way
for industrial application, where hot rolling is the inevitable process. After hot rolling, the mechanical
properties could be further tailored. In this study, the effects of heat treatments on a dual-phase
Al17Cr10Fe36Ni36Mo1 hot-rolled plate were systematically investigated, including: (i) annealing
(700 ◦C, 850 ◦C, 1000 ◦C and 1150 ◦C for 1 h, respectively), (ii) solution and single aging (1150 ◦C for
1 h and 700 ◦C for 4 h), (iii) solution and double aging (1150 ◦C for 1 h, 700 ◦C for 4 h and 650 ◦C for
1 h). The B2 precipitates with varied morphologies were observed in the FCC matrix of the hot-rolled
alloy after a heat treatment range from 700 ◦C to 1000 ◦C for 1 h, and the BCC particles in the B2
matrix were dissolved when the heat treatment temperature was higher than 1000 ◦C. The hot-rolled
alloy heat treated at 700 ◦C for 1 h had the highest yield strength, and the hot-rolled alloy treated
at 1150 ◦C for 1 h showed the lowest yield strength. After a solution at 1150 ◦C for 1 h, aging at
700 ◦C for 4 h and 650 ◦C for 1 h, the L12 phase and BCC particles were precipitated in the FCC
and B2 matrices, and B2 nanoprecipitates were observed around the FCC grain boundaries. The
solution and double aging alloy exhibit the tensile strength of 1365.7 ± 9.5 MPa, a fracture elongation
of 14.2 ± 1.5% at 20 ◦C, a tensile strength of 641.4 ± 6.0 MPa, and a fracture elongation of 16.9 ± 1.0%
at 700 ◦C, showing great potential for application.

Keywords: AlCrFeNi; multi-component alloys; heat treatment; microstructures; double aging

1. Introduction

The concept of multi-component alloys (MCAs) breaks the design bottleneck of tra-
ditional alloys with single or two main elements and has been explored extensively over
the past two decades [1–4]. Initially, MCAs were studied based on single FCC, BCC or
HCP structures, and the designed single-phase MCAs exhibited better mechanical and
physicochemical properties than traditional alloys [5–10]. However, in recent years, re-
search focus has gradually changed to dual-phase MCAs, and the heterophase structure
was intentionally beneficial for improving the mechanical properties of alloys [11–13]. The
Co-free system of AlCrFeNi dual-phase MCAs has attracted much attention in the field of
physical metallurgy. Soft FCC and the hard B2 dual-phase MCAs have been developed, and
showed excellent comprehensive properties [14]. Recently, a new Al17Cr10Fe36Ni36Mo1
MCAs has been developed, and its excellent properties showed great potential for indus-
trial applications [15]. The different element compositions will have distinct effects on the
microstructure and mechanical properties of the alloy. By microalloying Al17Cr10Fe37Ni36
with Mo and W, a dual-phase MCA with an ultimate strength and fracture elongation of
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1285 MPa and 16.0%, respectively, was obtained [16]. Liu et al. further investigated the im-
pacts of non-metallic Si (0~4 at %) on the microstructure of the Fe36Ni36Cr10Mo1Al17−xSix
alloy, and found that the increase in Si led to a change in the crystallization sequence during
solidification [17].

In addition to adjusting the composition and proportion of elements, the microstruc-
ture and properties of MCAs can also be regulated and improved by a series of thermo-
mechanical processes, such as annealing after cold rolling [12,18,19], warm rolling [20–22],
hot rolling [23–25] and hot forging [26–29]. Wang et al. conducted phase selective re-
crystallization followed by aging at 700 ◦C of the as-cast alloy, which transformed the
dendrite structure into an equiaxed structure and achieved a synergistic improvement in
strength and plasticity [19]. Tripathy et al. modulated the continuous deformation-induced
nanosheets structure by annealing at 800 ◦C after warm rolling at 400 ◦C [22]. Pradhan et al.
explored the evolution of the grain boundary characteristics during dynamic recrystalliza-
tion by controlling the hot rolling deformation reduction [23]. Sourav et al. conducted
a detailed analysis of the microstructures of AlxCoCrFeNi (x = 0.3, 0.5, 0.7) alloys after
hot forging and evaluated the contribution of different strengthening mechanisms [26]. In
addition, Peng et al. explored the effects of simple heat treatments on the microstructures
and mechanical properties of as-cast AlCoCrFeNi2.1 eutectic high entropy alloy. They
found that the FCC phase precipitated in the B2 matrix and the tensile strength of the alloy
increased from 1007 MPa to 1173 MPa after being treated at 600 ◦C, 700 ◦C, and 800 ◦C,
while the FCC phase dissolved into the B2 matrix and the elongation of the material was
slightly increased after being held above 1000 ◦C [30].

In recent years, great progress has been made in microstructure regulation and the
strengthening–toughening of MCAs. The effects of heat treatments on the hot-rolled
Al17Cr10Fe36Ni36Mo1 alloy remain to be further clarified. Therefore, it is essential to further
explore the heat treatment process of an Al17Cr10Fe36Ni36Mo1 hot-rolled plate to obtain
the superior properties of the alloy. In this paper, the influences of various heat treat-
ment temperatures on an Al17Cr10Fe36Ni36Mo1 bulk hot-rolled plate were systematically
investigated. The microstructures and mechanical properties of different heat treatment
states were analyzed in detail, and the optimal heat treatment process was regulated. This
work further complements the heat treatment behavior of the Al17Cr10Fe36Ni36Mo1 hot-
rolled plate and provides important guidance for the industrial application of AlCrFeNi
dual-phase MCAs.

2. Experiments

2.1. Preparation and Pretreatment of Samples

The vacuum degassed chromium, aluminum bean, nickel plate, industrial pure iron
and nickel molybdenum alloy were added into the vacuum induction melting furnace in
proportion to fabricate an Al17Cr10Fe36Ni36Mo1 ingot. Then, the vacuum induction ingot
was further treated by electroslag remelting (ESR). After ESR, a diameter of φ 400 mm
electroslag ingot was obtained by cooling for 1–3 h. Finally, the electroslag ingot was
heated at 500 ◦C for 30 min, heated at 20 ◦C/min to 1170 ◦C for 20 min, and then hot-rolled
repeatedly along the ingot axial direction up to 30 mm thickness. The width of the plate
was 200 mm and the heat treatment experiments were conducted at 700 ◦C, 850 ◦C, 1000 ◦C,
and 1150 ◦C for 1 h. The hot-rolled alloy was labeled as HR, and the heat-treated alloys
under different heat treatment temperatures for 1 h were labeled as HR700, HR850, HR1000,
and HR1150, respectively. The HR alloy was labeled as an HR-SA alloy after a solution at
1150 ◦C for 1 h and aging at 700 ◦C for 4 h and the HR-SA alloy was labeled as an HR-DA
alloy after aging at 650 ◦C for 1 h. The hot-rolled samples were heated for heat treatments in
a muffle furnace (Hefeikejing, Hefei, China, KSL-1200X) with an atmospheric environment
(a temperature of 25.5 ◦C and a relative humidity of 60.5%). All heat treatment experiments
were conducted by air cooling in order to avoid cracks.
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2.2. Microstructural Characterization and Tensile Mechanical Property Tests

Cuboid samples with a size of 10 mm × 10 mm × 5 mm were taken at the quarter
hot-rolled plate thickness position by the electro-spark wire-electrode cutting method;
then, the samples in different heat treatment states were polished with 240-, 800-, 1500-,
2500-, and 4000-grit SiC papers to remove the oxide skin. The polished samples used in
the microstructural characterization were electron-polished in a mixed solution of 90%
anhydrous ethanol and 10% perchloric acid with a direct voltage of 30 V for 5 s at an ambi-
ent temperature. The TEM samples were mechanically abraded to an ~40 nm thickness,
followed by electrolytic double spraying. An MTP-1A electrolytic double spray device
was used to thin the sample in corrosive fluids of 90% anhydrous ethanol and 10% per-
chloric acid at −20 ◦C. The range of the voltage and current was 35–55 V and 45–75 mA,
respectively. The microstructures of the hot-rolled alloy and different heat-treated alloys
were characterized by an optical microscope (OM, OLYMPUS OLS4000, Tokyo, Japan) and
a scanning electron microscopy (SEM, TESCAN MIRA3, Brno, Czech Republic) under a
secondary electron mode. Electron back-scattered diffraction (EBSD, TESCAN MIRA3,
Brno, Czech Republic) was used to further characterize the grain orientation and grain size.
The nanoprecipitates were identified by transmission electron microscopy (TEM, Talos
F200X, New York, NY, USA). The universal tensile tests at room temperature (20 ◦C) and
elevated temperatures (600 ◦C, 700 ◦C, 800 ◦C and 900 ◦C) were conducted on a universal
testing machine (UTM, TSMT EM6, Shenzhen, China) with a tensile strain rate of 10−3

s−1. An extensometer (Sanjing Y12.5/5, Guangzhou, China) was used to monitor the strain
for the room temperature testing and the thermostat and temperature controller were
equipped to maintain a constant temperature for the high temperature testing. Tensile
mechanical samples with a gauge dimension of 12.5 mm × 3.0 mm × 2.0 mm were used in
this study. Samples of all the heat treatment state alloys were tested at least twice to verify
the reproducibility of the tensile mechanical properties.

3. Results and Discussion

3.1. Short-Time Annealing at Different Temperatures

Figure 1 shows the alloys’ microstructure at five different states. As Figure 1(a1–a3)
shows, the microstructure under a hot-rolled state indicates a typical dual-phase structure,
in which the white region is the FCC phase and the gray region is the B2 phase [19].
Moreover, the B2 phase was squished along the rolling direction. After short-time annealing
at 700 ◦C, 850 ◦C, 1000 ◦C, and 1150 ◦C for 1 h (Figure 1(a2–e2)), there were some differences.
The most obvious change was the randomly distributed particles in the FCC matrix and
small FCC phases in the B2 matrix, whose density changed after annealing at different
temperatures. Nevertheless, no regularity related to the temperature was found.

In order to further analyze the microstructural changes under different temperatures,
the five states of the alloys were characterized by scanning electron microscopy (SEM). The
matrix phase composition of the primary HR alloy (Figure 1(a3)) was further determined
to be an FCC phase and B2 phase. And spherical BCC particles were observed in the B2
matrix phase, consistent with a previous report [19]. The HR700 alloy (Figure 1(b3)) has
a similar microstructure to the HR alloy overall. However, some nanoprecipitates were
observed in the FCC matrix of the HR700 alloy, which may have a vital impact on the
mechanical properties of the alloy. For the HR850 alloy (Figure 1(c3)), some needle-like
(NL) precipitates with widths of 200–400 nm precipitated in the FCC phase. The length of
the needle-like structures seemed to be different due to the varied orientation of the NL
structures. With heat-treatment temperature rises to 1000 ◦C (Figure 1(d3)), a large amount
of the B2 phase with a size below 2 μm precipitated in the FCC phase. Moreover, the
nano-scale spherical BCC precipitates that were originally distributed in the B2 matrix in
the HR alloy disappeared, which might be dissolved by the higher temperature compared
to the HR700 alloy and HR850 alloy. Similarly, the BCC particles in the HR1150 alloy
(Figure 1(e3)) were also dissolved and the FCC matrix became clean and tidy. The clean and
tidy FCC phase was formed since the small B2 phases in the original FCC matrix (HR alloy)
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gradually aggregated into the larger particles. These results indicate that the heat treatment
temperature can change the precipitation behavior as well as the phase composition of the
alloy, which means that the mechanical properties can be regulated by choosing the right
heat treatment process to adjust the precipitation behaviors.

 

Figure 1. Microstructures of the five different states alloys: (a1–a3) images of HR alloy; (b1–b3) images
of HR700 alloy; (c1–c3) images of HR850 alloy; (d1–d3) images of HR1000 alloy; (e1–e3) images of
HR1150 alloy. The first two colored images were acquired by optical microscope while the black-and-
white images were captured by scanning electron microscopy. On the right side of each image was
the magnified image of the corresponding alloy.

Figure 2 shows the electron back scatter diffraction (EBSD) maps of the five differ-
ent state alloys heat-treated at different temperatures. From the EBSD phase-index map
(Figure 2(a1)) of the HR alloy, the structure of the B2 matrix (red color) was elongated along
the rolling direction, and the B2 particles were dispersed in the FCC matrix (green color).
According to the EBSD inverse pole figure (Figure 2(a2)), the HR alloy showed an obvious
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equiaxial dual-phase structure, which indicates the occurrence of dynamic recrystallization
in the rolling process. Compared with the HR alloy, more precipitates were observed in
the FCC matrix of the HR700 alloy (Figure 2b), which was basically consistent with SEM
results. As for the other three heat-treated alloys, numerous B2 precipitates were observed
in the HR850 alloy and HR1000 alloy (Figure 2c,d), while the B2 particles in the HR1150
alloy (Figure 2(e1)) were coarsened into larger B2 islands. The average grain size of the
FCC phase and B2 phase was calculated according to EBSD results (Figure 2(a3–e3)). The
results show that the HR alloy, HR700 alloy, HR850 alloy, and HR1000 alloy had similar
grain sizes, while the HR1150 alloy had the largest grain size.

 

Figure 2. Electron back-scattered diffraction (EBSD) results of five different state alloys: (a1–a3) im-
ages of HR alloy; (b1–b3) images of HR700 alloy; (c1–c3) images of HR850 alloy; (d1–d3) images of
HR1000 alloy; (e1–e3) images of HR1150 alloy. From left to right, the results for each alloy were phase
map, EBSD inverse pole figure, and corresponding frequency distribution of grain size, respectively.
Due to the dual-phase structure of this alloy, the grain sizes of the FCC phase and the B2 phase were
calculated, respectively.
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The changed microstructures indicate different mechanical properties. Tensile tests of
the five alloys were carried out at room temperature; the engineering strain–stress curves
and related data are shown in Figure 3 and Table 1, respectively. The results show that
all alloys demonstrated a good combination of strength and elongation. The HR alloy
with yield and ultimate strengths of 471.2 ± 6.5 MPa and 1019.2 ± 8.5 MPa has a fracture
elongation of 20.1 ± 1.0%. After heat treatment at 700 ◦C, the yield strength, ultimate
strength, and fracture elongation of the alloy were slightly increased to 568.4 ± 5.0 MPa,
1107.2 ± 9.0 MPa and 22.2 ± 1.5%, respectively. This is mainly due to the B2 precipitates in
the FCC matrix. Compared with the HR alloy, the yield and the ultimate strength of the
HR850 alloy, HR1000 alloy, and HR1150 alloy were reduced, while the ductility improved
to some extent. Interestingly, the strength of the HR1000 alloy is greater than that of the
HR850 alloy, mainly due to there being more B2 precipitates in the FCC matrix of the
HR1000 alloy. The large grain size and aggregation of B2 particles result in the lowest yield
strength (360.7 ± 5.0 MPa) and ultimate strength (955.9 ± 7.5 MPa) of the HR1150 alloy.

Figure 3. Stress–strain curves of HR alloy, HR700 alloy, HR850 alloy, HR1000 alloy and HR1150 alloy
tested at room temperature.

Table 1. Tensile properties of HR alloy, HR700 alloy, HR850 alloy, HR1000 alloy and HR1150 alloy,
where σs, σb and εp are the yield strength, ultimate strength, and fracture elongation, respectively.

Alloys σs, MPa σb, Mpa εp, %

HR 471.2 ± 6.5 1019.2 ± 8.5 20.1 ± 1.0
HR700 568.4 ± 5.0 1107.2 ± 9.0 22.2 ± 1.5
HR850 400.8 ± 5.5 980.3 ± 7.0 31.6 ± 1.5

HR1000 414.1 ± 7.0 1008.1 ± 9.5 28.1 ± 1.0
HR1150 360.7 ± 5.0 955.9 ± 7.5 23.4 ± 1.0

3.2. Solution and Aging

According to the results in Section 3.1, the yield strength of the HR alloy will be
increased at 700 ◦C due to the nanoprecipitates in the FCC matrix, and the yield strength of
the HR1150 alloy will be reduced at 1150 ◦C for the dissolution of B2 precipitates in the FCC
matrix. Therefore, 1150 ◦C was deemed a suitable temperature to remove the heterophases
and 700 ◦C was considered a suitable temperature to trigger the precipitations. Meanwhile,
the temperature of 650 ◦C, 50 ◦C below 700 ◦C, was also taken into account as the proportion
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of nanoprecipitates might be increased without changing their size as much as possible.
Inspired by the results and reasonable inference, the solution, solution and single aging
(SSA), solution and double aging (SDA) processing technology was investigated. As shown
in Figure 4, the dot line curves of Vickness hardness versus time was obtained by calculating
the average hardness acquired under different processing technology. The red five-pointed
star indicates the appropriate treatment time under different temperatures. It was clear
that the solution time, not an obvious characteristic over time, was not a major factor.
Therefore, the minimum time of 1 h solution was enough. Single aging at 700 ◦C reached
its peak value after treatment for 4 h, different from the 650 ◦C with an upward trend in the
test time. The above results suggest that the first-stage aging at 700 ◦C was beneficial for
rapid precipitation within 4 h, better than 650 ◦C. The temperature of 650 ◦C was therefore
followed after 700 ◦C to increase the volume fraction or amount of the nanoprecipitates.
According to the red line at the top of the curves, the heat treatment process of that solution
at 1150 ◦C for 1 h, aging at 700 ◦C for 4 h, and 650 ◦C for 1 h were thus determined and
corresponding structural characterization and mechanical testing were also conducted.

Figure 4. Vickness hardness curves of the HR alloy under different heat-treated processes. From
down to up, it represents solution, solution and single aging, solution, and double aging process. The
red five-pointed star in the curves indicate the suitable treating time.

Figure 5(a1,b1) show the microstructure of the HR-SA alloy and HR-DA alloy. Com-
pared with the HR alloy, some precipitates were observed at the FCC grain boundaries in
both alloys, which also had a similar precipitation behavior to the HR700 alloy. According
to high-resolution SEM images (Figure 5(a2–a4,b2–b4)), nano-spherical and short rod-like
precipitates were observed in the B2 matrix and FCC matrix of both the HR-SA alloy and
HR-DA alloy. And what surprised us was that the number and size of the short rod-like
precipitates in the HR-DA alloy were greater than those of the HR-SA alloy, and that the
short rod-like precipitates would have a certain effect on the mechanical properties of
the alloy.

According to the above results, the HR-SA alloy and HR-DA alloy had a similar
precipitation behavior but a different amount and size of the short rod-like precipitates.
The HR-DA alloy was further analyzed by transmission electron microscopy (TEM), as
shown in Figure 6. Figure 6a shows the bright-field image of the B2 phase. Spherical
nanoprecipitates with an average size of 30 nm were distributed homogeneously in the
matrix phase. The corresponding selected-area electron diffraction (SAED) pattern is
shown in Figure 6b, and the two-phase structures of BCC/B2 were further determined.
The dark-field image (Figure 6c) was obtained by selecting (100)B2 superlattice diffraction
spots to verify the phase structure of the nanoprecipitates and matrix. The precipitates
showed dark and the matrix showed bright, indicating that the matrix was the B2 phase. A
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similar characterization was conducted on the FCC phase. Some rod-like structures with
an average width of 20 nm were precipitated in the matrix (Figure 6d). A further SAED
(Figure 6e) pattern and dark-field image (Figure 6f) indicated that rod-like L12 precipitates
were dispersed in the FCC matrix. The above results confirm that after solution and double
aging, nano-spherical BCC and rod-like L12 precipitates were observed in the B2 and FCC
matrices of the HR-DA alloy, respectively.

 

Figure 5. Microstructures of solution and aging alloys: (a1–a4) images of HR-SA alloy; (b1–b4) images
of HR-DA alloy. The first colored image was acquired by optical microscope while the black-and-
white images were captured by scanning electron microscopy. The two alloys were composed of FCC
matrix and B2 matrix, and SEM images at magnified scale of the FCC matrix and B2 matrix for each
alloy were placed on the right of this figure.

 

Figure 6. Transmission electron microscopy images of HR-DA alloy: (a) Bright-field image of BCC
phase and B2 phase; (b) SAED pattern of BCC phase and B2 phase; (c) Dark-field image of BCC phase
and B2 phase; (d) Bright-field image of FCC phase and L12 phase; (e) SAED pattern of FCC phase
and L12 phase; (f) Dark-field image of FCC phase and L12 phase.

An uniaxial tensile test was performed to validate the differences in the mechanical
properties for the HR-SA alloy and the HR-DA alloy, as shown in Figure 7a. The HR-SA
alloy exhibits a yield strength of 713.0 ± 6.5 MPa and a tensile strength of 1263.9 ± 8.0 MPa,
as well as a fracture elongation of 13.4 ± 1.6%. After further heat treatment at 650 ◦C,
the yield strength, tensile strength, and fracture elongation of the HR-SA alloy increased
to 813.2 ± 7.0 MPa, 1365.7 ± 9.5 MPa, and 14.2 ± 1.5% in the HR-DA alloy, respectively.
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The enhancement of the HR-DA alloy’s strength was mainly attributed to the greater
precipitation of L12 in the FCC matrix, which occurred at 650 ◦C. Comparing the mechanical
properties of the HR-DA alloy with those of other MCAs at 20 ◦C, shown in Figure 8a,
our alloy reveals a great combination of strength and plasticity. The high temperature
tensile behavior of the HR-DA alloy at 600–900 ◦C was tested, and the mechanical property
results are shown in Figure 7b and Table 2. The yield and tensile strength displayed a
declining trend while the elongation showed an increasing trend. The HR-DA alloy shows
an excellent yield strength of 576.8 ± 5.5 MPa and a competitive fracture elongation of
16.9 ± 1.0% at 700 ◦C. When comparing it with other alloys at 700 ◦C, our alloy still
exhibits better high-temperature mechanical properties (Figure 8b). During the elevated
temperature deformation, the B2 nanoprecipitates at the FCC grain boundaries hindered the
dislocation movement as well as the grain boundary sliding. The above results show that
our well-prepared MCAs exhibit good mechanical properties in a wide temperature range.

Figure 7. Tensile stress–strain curves of the alloys at different temperatures: (a) HR alloy, HR-SA
alloy, and HR-DA alloy tested at room temperature; (b) HR-DA alloy tested at 600–900 ◦C.

 

Figure 8. Comparison of tensile properties of HR-DA alloy with other MCAs at different temperatures
(a) 20 ◦C and (b) 700 ◦C, respectively adapted from Refs. [31–37].

110



Metals 2024, 14, 726

Table 2. Mechanical test results for HR-DA alloy at room temperature and elevated temperatures,
where σs, σb and εp are the yield strength, ultimate strength, and fracture elongation, respectively.

Temperature ◦C σs, MPa σb, Mpa εp, %

20 813.2 ± 6.5 1365.7 ± 11.5 14.2 ± 1.0
600 702.6 ± 7.0 913.1 ± 8.5 20.1 ± 1.5
700 576.8 ± 5.5 641.4 ± 6.0 16.9 ± 1.0
800 339.1 ± 7.5 346.3 ± 7.0 43.5 ± 1.5
900 152.9 ± 5.0 163.6 ± 5.5 102.2 ± 1.0

The tensile fracture morphologies of the HR alloy, HR-SA alloy, and HR-DA alloy at
room temperature were characterized in order to further analyze the fracture behavior
of the alloys. The three alloys’ fracture surfaces had similar fracture morphologies, as
shown in Figure 9. All alloys exhibited two classical structural characteristics of cleavage
planes and dimples, which were indicated by blue arrows and red arrows, respectively.
The soft FCC matrix has more slip systems and its fracture mode was mainly controlled by
dimples. The brittle B2 matrix’s fracture mode was mainly a cleavage fracture. During the
rolling process, the B2 matrix was elongated along the rolling direction. Therefore, obvious
disk-like cleavages with river patterns were observed in the fracture morphologies. The
branches of the river patterns correspond to the various cleavage planes of the same crystal
plane, and the flow direction of the river was consistent with the propagation direction of
the crack. Large tearing edges were shown where the cleavage planes met the dimples,
which is also consistent with a previous study [16]. The microstructures and fracture
elongation of the HR alloy, HR-SA alloy, and HR-DA alloy were not very different, and the
three alloys also had similar fracture modes.

 

Figure 9. Secondary electron micrographs of the fracture morphology for (a) HR alloy, (b) HR-SA
alloy, and (c) HR-DA alloy testing at room temperature. The insets show the macroscopic fracture of
the corresponding alloys.

In order to further understand the fracture behaviors of the HR-DA alloy at different
temperatures, the mechanical fracture morphologies of the HR-DA alloy at 600–900 ◦C
are shown in Figure 10. This alloy had a similar fracture mechanism at 600 ◦C and 700 ◦C
(Figure 10a,b), the fracture mode of the FCC matrix was mainly dimples (red arrows), and
the fracture mode of the B2 matrix was mainly a cleavage fracture (blue arrows). When the
testing temperature was elevated to 800 ◦C (Figure 10c), the fracture surface of our alloy
showed an obvious necking phenomenon. The fracture morphology was mainly dominated
by dimples with various sizes and some oxidation products; no significant cleavage planes
and rive patterns were observed. When the temperature rose to 900 ◦C (Figure 10d), the
fracture morphology showed larger and deeper dimples and more oxidation products
were observed on the fracture surface. The above results show that the HR-DA alloy
exhibited a mixed fracture mode when deformed at 600 ◦C and 700 ◦C. With the increase in
temperature, the B2 matrix was softened. And the fracture mode of the B2 matrix changed

111



Metals 2024, 14, 726

from a cleavage fracture to dimples, which was undesirable for the mechanical properties
of our alloy.

 

Figure 10. Secondary electron micrographs of the fracture morphology for HR-DA alloy testing at
(a) 600 ◦C, (b) 700◦C, (c) 800 ◦C, and (d) 900 ◦C. The insets show the macroscopic fracture of the
corresponding temperatures and that they exhibited a significant necking phenomenon above 800 ◦C.

4. Conclusions

This work focused on the hot-rolled Al17Cr10Fe36Ni36Mo1 large plate, investigating
the effects of different heat treatments on the microstructure and mechanical properties.
The main conclusions are as follows.

(1) The precipitation behaviors of the HR alloy can be affected by different annealing
temperatures. In the FCC matrix, some B2 nanoprecipitates were observed in the
HR700 alloy, the needle-like B2 structures were precipitated in the HR800 alloy, the
island-like B2 precipitates were found in the HR1000 alloy, and the B2 precipitates
rapidly coarsened into micron-scale structures in the HR1150 alloy. In addition, the
BCC particles precipitated in the B2 matrix of the HR alloy were completely dissolved
above 1000 ◦C.

(2) The HR-DA alloy showed better comprehensive mechanical properties than the HR-
SA alloy. After the HR alloys were treated with SSA and SDA, short rod-like L12
precipitates were observed in the FCC matrix of both the HR-SA and HR-DA alloys,
and the number and size of the L12 phases in the HR-DA alloy were greater than those
of the HR-SA alloy. The L12 precipitates can greatly improve the strength of the alloy
by hindering the movement of dislocation. Therefore, the HR-DA alloy shows the
excellent tensile strength of 1365.7 ± 9.5 MPa and fracture elongation of 14.2 ± 1.5%
at room temperature.

(3) The HR-DA alloy also showed acceptable mechanical properties at a high temperature.
The L12 phases and B2 nanoprecipitates were observed in the FCC matrix and FCC
grain boundaries, respectively. The high-density L12 phases significantly contributed
to the yield strength and the B2 nanoprecipitates can effectively hinder the dislocation
movement as well as the grain boundary sliding. These results led to the HR-DA
alloy obtaining a high tensile strength of 641.4 ± 6.0 MPa and a fracture elongation of
16.9 ± 1.0% at 700 ◦C, showing great potential for elevated temperatures applications.
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In the current study, we mainly focused on the influence of a heat treatment process
on the microstructure and mechanical properties. The strengthening mechanisms of the
HR-DA alloy will be further analyzed in a future investigation.
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Abstract: A suitable heat treatment in the Mg97Gd2Zn1 (at.%) alloy in the as-cast condition results,
after extrusion at high temperature, in a two-phase lamellar microstructure consisting of magnesium
grains with thin lamellar shape precipitates and long fibers of the 14H-Long-Period Stacking Ordered
(LPSO) phase elongated in the extrusion direction. The magnesium matrix is not fully recrystallized
and highly oriented coarse non-dynamically recrystallized (non-DRXed) grains (17% volume fraction)
elongated along the extrusion direction remain in the material. The deformation mechanisms of
the extruded alloy have been studied measuring the evolution of the internal strains during in
situ tension and compression tests using synchrotron diffraction radiation. The data demonstrate
that the macroscopic yield stress is governed by the activation of the basal slip system in the ran-
domly oriented equiaxed dynamic recrystallized (DRXed) grains. Non-DRXed grains, due to their
strong texture, are favored oriented for the activation of tensile twinning. However, the presence of
lamellar-shape precipitates strongly delays the propagation of lenticular thin twins through these
highly oriented grains and they have no effect on the onset of the plastic deformation. Therefore,
the tension–compression asymmetry is low since the plasticity mechanism is independent of the
stress mode.

Keywords: magnesium alloys; mechanical properties; synchrotron radiation diffraction; long-period
stacking ordered structures

1. Introduction

Mg-Rare earth (RE)-Zn alloys containing Long-Period Stacking Ordered (LPSO) phases
exhibit high mechanical strength with substantial ductility [1–4]. Two types of these alloys
can be distinguished depending on the presence or absence of the LPSO-phase in the
as-cast condition. According to the RE elements added, these alloys can be referred to as
Type I and Type II. Type I corresponds to Mg-(Y, Dy, Ho, Er, Tm)-Zn alloys in which the
LPSO-phase is formed during the casting process [5–10]. In the case of Mg- (Gd, Tb,. . .)–Zn
alloys, referred to as Type II, the LPSO-phase does not appear in the as-cast condition
and a subsequent high-temperature thermal treatment is required to develop it [11–18].
After a solution treatment, a hardness peak can be reached by ageing the material at low
temperatures. Yamasaki et al. [13] reported, in the Mg97Gd2Zn1 (at.%) alloy, the formation
during isothermal ageing of stacking faults and lamellar 14H phase at intermediate and high
temperatures (300–500 ◦C), while intermetallic β′ (orthor, Mg7Gd [19]), β1 (fcc, Mg5Gd)
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and β (fcc, Mg5Gd) phases formed at low temperatures (~200 ◦C). On the other hand,
Nie et al. [14] reported that the peak aged condition in Mg98.6Gd1Zn0.4 (at.%) is caused
by the formation of lamellar γ′′ (ordered hexagonal structure, P6 2m) and γ′ (disordered
hexagonal structure, P3m1). Since lamellar-shape precipitates are located parallel to the
basal plane, these precipitates are considered to be ineffective obstacles to the motion of
<a> dislocations along the basal plane. Nevertheless, a significantly low activity of the
basal slip system in the Mg matrix in between LPSO lamellae, when interlamellar space
is below 20 nm, has been also reported [20]. The high concentration of solute atoms near
LPSO lamellae provides a strong solute strengthening effect. On the other hand, tensile
twinning is also an important deformation system in magnesium alloys, especially in
those alloys with intense texture. Lamellar-shape precipitates offer little resistance to the
tensile twinning deformation mode [16], although they are effective in temporally delaying
the coalescence twinning step [16,18,21]. Thus, microcracks can be initially nucleated
along the (LPSO-phase/lamellar γ′ phase)/α-Mg matrix interfaces, and a significant stress
dissipation is induced by mutual interactions between the tensile twinning and the kinking
of the lamellar γ′ phase, leading to an increase in fracture toughness KIc [22]. At high
temperatures, the presence of lamellar γ′ phase is an important obstacle to non-basal slip
systems and it creates nucleation sites for extremely fine DRXed grains [23,24].

The hexagonal close-packed lattice of magnesium, with a limited number of active
deformation systems, promotes the formation of a strong crystallographic texture when the
alloy is thermomechanically processed, inducing the tension–compression yield asymmetry
phenomenon. The mechanical asymmetry of magnesium alloys has been widely inves-
tigated, since it is an important factor limiting their industrial applications [25–29]. The
tension–compression asymmetry in magnesium alloys containing LPSO-phases depends
on the processing route and the microstructure [30]. Geng et al. [16] studied the influence
of lamellar-shape precipitates on the tension–compression asymmetry in an extruded Mg-
Gd-Zn alloy. Due to the weak texture generated during the full recrystallization process,
the alloy showed negligible yield stress asymmetry. Yang et al. [18] also reported negligible
yield stress asymmetry in a Mg97.3Gd2.1Zn0.6 alloy characterized by highly oriented non-
recrystallized grains with a high density of thin LPSO plates within the magnesium grains.
It is expected that lamellar-shape precipitates could enhance dynamic recrystallization,
minimizing the presence of non-DRXed grains. The study will be carried out through
the measurement of the internal strains obtained using synchrotron radiation diffraction
during in situ tensile and compressive tests.

2. Materials and Methods

Magnesium alloys with composition Mg97Gd2Zn1 (at.%) were cast using an Environ-
ment Conscious (ECO) process, with the addition of 0.3 wt.% of CaO. The cast billet was
thermally treated (TT condition) at 520 ◦C for 8 h while buried in MgO sand to minimize
alloy oxidation. The cooling of the billets was carried out inside the furnace at 10 ◦Cmin−1.
The billet was machined at a 41 mm diameter and then it was extruded at an extrusion
temperature of 350 ◦C, an extrusion rate of 0.5 mms−1 and an extrusion ratio of 18:1.

Microstructural characterization of the alloys was carried out by optical microscopy
(OM) and scanning and transmission electron microscopy (SEM (JEOL-JSM 6500F, JEOL-
JSM 6500F, JEOL, Tokyo, Japan and Hitachi S4800J, Hitachi High-Tech Corporation, Ibaraki,
Japan) and TEM (JEOL JEM 2010, JEOL, Tokyo, Japan), respectively). Samples for SEM
observation were prepared by mechanical polishing using colloidal silica. Samples were
analyzed at an operating voltage of 15 kV in both SEMs. Volume fractions of each alloy
constituent (LPSO phase, magnesium DRXed grains and magnesium non-DRXed grains)
were evaluated as follows. Firstly, the volume fraction of the LPSO phase was evaluated in
the polished sample using the Fiji Image J software 2.9.0 (LOCI, University of Wisconsin,
Madison, WI, USA) [31]. The backscattered SEM image clearly differentiates the LPSO
phase due to its higher gadolinium and zinc concentrations with respect to the magnesium
phase. The volume fractions of the DRXed and non-DRXed grains were evaluated in
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the extruded sample after etching using OM. In this condition, the LPSO-phase and non-
DRXed grains had similar aspects. Therefore, the volume fraction of DRXed grains was
also evaluated using again Fiji Image J software. The volume fraction of the non-DRXed
grains was balanced with the other two constituents. The grain size was measured by
quantitative image analysis.

TEM specimens of deformed samples were prepared by electrolytic polishing using a
reactive mixture of 5.3 g lithium chloride, 11.2 g magnesium perchlorate, 500 mL methanol
and 100 mL butoxy-ethanol at −50 ◦C and 50 V.

The crystallographic texture of the alloy was evaluated using the Electron Backscat-
tered Diffraction (EBSD) technique and the Rietveld analysis of the synchrotron diffraction
patterns. Specimens for EBSD measurements were finally etched using a solution of 7 mL
acetic acid, 3 mL nitric acid, 30 mL of ethanol and 10 mL of water. EBSD acquisition was car-
ried out in a direction perpendicular to the extrusion direction and the data were recorded
and analyzed using Channel 5 software (Oxford Instruments, Abingdon, Oxfordshire, UK).

Synchrotron radiation diffraction was carried out during in situ tension and com-
pression tests at the P07B-HEMS beamline of PETRA III, at the DeutschesElektronen-
Synchrotron (DESY) (Hamburg, Germany). Cylindrical samples of diameter 5 mm and
length 25 mm and cylinders of diameter 5 mm and length 10 mm were used in tension
and compression, respectively. In both cases samples were machined along the extrusion
direction and tested at a strain rate of 10−4 s−1 at room temperature. Samples were de-
formed in tension and compression in a tensile rig at an initial strain rate of 10−4 s−1. The
diffraction patterns were recorded using an exposure time of 0.5 s by a Perkin-Elmer XRD
1622 flat-panel detector (Perkin-Elmer, Waltham, MA, USA) with an array of 20.482 pixels,
and an effective pixel size of 200 × 200 μm2. The beam energy was 87 keV, corresponding to
a wavelength of 0.014 nm. LaB6 was used as a reference to calibrate the acquired diffraction
spectra. The detector-to-sample distance was set to 1637 mm.

Conventional line profiles were obtained by azimuthal integration of the Debye–
Scherrer rings. The synchrotron radiation beam was positioned at the center of the sample,
with the gauge volume defined approximately by the beam section (0.8 × 0.8 mm2) and
the cylinder diameter. The elastic strain for each orientation can be calculated by the shift
in the position of the diffraction peak:

εhkl =
dhkl − d0,hkl

d0,hkl
(1)

where dhkl and d0,hkl are the planar spacing of the hkl plane in the stressed and stress-free
crystal. The lattice spacing and the diffraction angle θ are related through Bragg’s law.

The macroscopic texture was evaluated by Rietveld texture analysis using MAUD
software (Luca Lutterotti, University of Trento, Italy) [32,33]. The 2D detector image is
converted to a set of diffraction patterns using the Image J plugin in the software (LOCI,
University of Wisconsin, WI, USA) [34,35], fitting the α-Mg (P63/mmc) and LPSO-14H
(P63/mmc) [36]. The best fit to the experimental data was achieved using the E-WIMV
algorithm with 5◦ resolution. This procedure was repeated within the compression test,
obtaining the evolution of the texture as a function of the compressive strain. From the
(0002) pole figure, the volume fraction of twins can be calculated following the procedure
reported by Agnew et al. [37], given by

ftw =
∫ ϕ≈57◦

ϕ=0
[I(ϕ)− I0] sinϕ dϕ (2)

where ϕ is the angle of tilt between the (0002) poles and the compression axis and I(ϕ) is
the intensity at that tilt angle ϕ.
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3. Results

The microstructure of the alloy in the as-cast condition, shown in Figure 1a, is char-
acterized by the coexistence of the magnesium matrix (grey phase) with the intermetallic
Mg3Gd phase (white phase) [13]. The magnesium phase around the intermetallic phase
shows a contrast provoked by an increase of the gadolinium solid solution in the magne-
sium phase. After thermal treatment, the microstructure changes drastically (Figure 1b).
On one hand, the Mg3Gd phase transforms into the LPSO-phase with composition Mg-
29%Gd-10%Zn-0.2%Ca (wt.%). On the other hand, the precipitation of fine lamellae inside
the Mg grains takes place (Figure 1c). The volume fraction of the LPSO phase is 17%. After
extrusion at 350 ◦C, coarse LPSO-phase is deformed and elongated along the extrusion
direction (Figure 1d).

Figure 1. (a) Microstructure of the cast ECO-Mg97Gd2Zn1 alloy. (b) Microstructure of the cast ECO-
Mg97Gd2Zn1 alloy after the thermal treatment, showing the lamellar structure in the magnesium
phase. (c) Bright field image of the magnesium phase at the zone axis B = [1120]. (d) Microstructure
of the extruded ECO-Mg97Gd2Zn1 alloy along the extrusion direction (ED).

The grain structure after extrusion is shown in the orientation image maps (OIMs) of
Figure 2a,b. The material is not completely recrystallized and the microstructure exhibits
dynamic recrystallized (DRXed) grains with an average grain size of 1 μm (Figure 3) and
non-dynamic recrystallized (non-DRXed) grains elongated along the extrusion direction,
with a longer dimension of 300–400 μm. The volume fractions of fine DRXed and coarse
elongated non-DRXed grains are 64 and 19%, respectively. DRXed grains are randomly
oriented but the elongated, non-DRXed grains are highly oriented, with their basal plane
parallel to the extrusion direction (grain A in Figure 2a), as observed in the (0002) pole
figure of Figure 2c.
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Figure 2. (a) Orientation image maps (OIMs) along the extrusion direction of the extruded ECO-
Mg97Gd2Zn1 alloy. (b) Detail of fine DRXed grains. (c) {0002} pole figure corresponding to EBSD map
of (a). Red-orange intense accumulation in the radial direction comes from the non-DRXed grains
(grain A). (d) IPF color key.

Figure 3. Grain histogram of DRXed grains.
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The macroscopic texture was also evaluated using Rietveld texture analysis of the
diffraction pattern obtained from the Debye–Scherrer diffracted rings. Figure 4 shows
the Debye–Scherrer rings obtained before tension or compression tests for the extruded
Mg97Gd2Zn1 alloy (Figure 4a), as well as a detail of the innermost ring, corresponding to
the (0002) diffracted ring of the 14H-LPSO phase. The intensity of each diffraction ring
changes along the azimuthal angle due to the crystallographic texture of the magnesium
and LPSO phases. Figure 4b shows the axial and radial diffraction pattern obtained from
the integration of Figure 4a. In this plot, the different intensity of each diffraction peak
corroborates the development of a crystallographic texture during the extrusion process. It
is important to point out the presence of a strong diffraction peak in the radial direction
at 0.45◦, corresponding to the 0002-diffraction peak of the 14H-LPSO phase. In the axial
direction, the most intense diffraction peak due to the magnesium phase corresponds to
the (1010) plane, which is perpendicular to the extrusion direction.

 
Figure 4. (a) Synchrotron radiation diffraction pattern recorded on the 2D flat-panel detector before
the tension and compression tests. Detail of the innermost ring corresponding to the (0002) diffracted
ring of the 14H-LPSO phase. (b) Axial and radial diffracted pattern integrated from (a).

Rietveld fitting of diffraction patterns in the axial, 45◦ between axial/radial direction
and radial direction has been performed for the alloy in the as-extruded condition, assuming
the presence of α-Mg and 14H-LPSO-phase (see Figure 5a–c). The pole figures obtained
from the Rietveld texture analysis are presented in Figure 5d–f for the magnesium phase
({1010} and (0002) pole figures) and LPSO-phase ((00014) pole figure).

Figure 6a–e show the microstructure using TEM of the non-DRXed grains, DRXed
grains and short fibers of LPSO-phase, respectively. Non-DRXed grains (Figure 6a) are
highly deformed due to the accumulation of a high dislocation density. Even more, sub-
grains limited by low angle grain boundaries are observed within these grains (see white
arrow in Figure 6a). Within these grains, a lamellar structure is still observed, as found for
the TT condition. However, the thin γ lamellar precipitates, about 10–20 nm in thickness,
become coarser than those seen in the TT alloy (Figure 6b). In any case, thin precipitates
of several nm are still placed in the basal plane. These precipitates are coherent with the
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magnesium matrix and generate diffuse streaks along the [0002] direction in the SAED
pattern of Figure 6c.

Figure 5. Rietveld analysis of diffraction patterns of extruded Mg97Gd2Zn1 alloy: (a) axial, (b) 45◦

and (c) radial directions. (d) {0002} and (e) {1010} pole figures obtained from the magnesium phase
and (f) {00014} pole figure from the 14H-LPSO phase.

Figure 6d shows a bright field image of DRXed grains. Thin basal precipitates are
equally observed within these grains. When thin precipitates are tilted, a Moiré structure
(white arrow in Figure 6d) reveals that they are planar defects, I2 stacking faults, generated
by the formation of Shockley partial dislocations. It is important to point out that this
structure is not homogeneous over the entire grain.

Finally, Figure 6e–g show bright field images of the LPSO-phase and its corresponding
SAED pattern at the zone axis B = [1120]. As found in the non-DRXed grains, the LPSO-
phase is highly deformed. The thickness of the LPSO-phase fiber is around 1 μm. Inside
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the LPSO-phase, a fringe structure with a spacing of about 1.8 nm along the c direction at
the zone axis B = [1120] is measured, corroborating the formation of the 14H structure [38].

Figure 6. (a) Bright field image of a non-DRXed grain at the zone axis B = [1120]. (b) Detail of
(a) corresponding to the 14H-LPSO lamellar structure and SAED pattern of the non-DRXed grain
shown at the zone axis B = [1120]. (c) Bright field image of the DRXed grains. (d) Bright field image of
the LPSO phase at the zone axis B = [1120]. (e) Detail of the LPSO phase shown in (d) with g = (0002).
(f) SAED pattern of the LPSO phase at the zone axis B = [1120]. The image is rotated 90◦ with respect
to (e).

Tensile and compressive curves obtained during the in situ experiments in the beam-
line for the extruded Mg97Gd2Zn1 alloy are shown in Figure 7. The beginnings of the
curves for both stress modes seem similar, at least until the point of 3% plastic strain. The
yield stress is around 300 MPa in both cases. In compression, the sample was deformed to

122



Metals 2024, 14, 530

the point of 10% plastic deformation. The curve exhibits a slightly sigmoidal or “S-type”
concave shape, indicative of {1012}<1011> extension twinning activation. In any case, it
was found that the material flows plastically at stresses slightly higher than those seen
under tensile loading.

Figure 7. Tensile and compressive true stress–true strain curves for the extruded ECO-Mg97Gd2Zn1

alloy obtained during the in situ experiments in the beamline.

The evolution of the elastic strains obtained from Equation (1) corresponding to the
{1010}, {0002}, {1011}, {1012} and {1120} diffraction peaks for the magnesium phase and
{4226} diffraction peak for the 14H-LPSO are plotted in Figure 8 for tension and compression
tests, respectively. The tensile and compressive stress–strain curves obtained during the in
situ diffraction experiment are also plotted in Figure 8a,b in order to correlate the evolution
of the internal elastic strains and the macroscopic elasto-plastic behavior. The evolution of
internal strains in the axial and radial directions are complementary. Therefore, the result
described is focused on the internal strains in the axial direction due to their larger changes.

Figure 8. (a) Tensile and (b) compressive macroscopic stress–strain curves of the ECO-Mg97Gd2Zn1

alloy obtained during the in situ experiments. Axial and radial internal strains as a function of
the applied stress during in situ (a) tension and (b) compression tests at room temperature. Evo-
lution of the integrated intensity of the {1010} and {0002} diffraction peaks during (a) tensile and
(b) compressive tests.
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In tension, the macroscopic yield stress, measured at 0.2% of the plastic deformation,
was around 292 MPa. Below this stress level, the evolution of the elastic strains for all
analyzed diffraction peaks of the magnesium phase as a function of the applied stress is
completely linear. Magnesium alloys are elastically isotropic and no differences in the
elastic strains for different orientations have been reported in the elastic regime [39]. The
slope of the elastic strains corresponding to the diffraction peak of the LPSO-phase evolves
in a similar way. The Young modulus of each family of grains was estimated through
the slope of the elastic strains in the elastic regime, resulting in a value of 43 GPa. Above
300 MPa, elastic strains of {1011} and {1012} planes perpendicular to the tensile axis deviate
from the straight line, decreasing the elastic internal strain from 6617 μ strains at 293 MPa
to 4584 μ strains and 3560 μ strains at 312 MPa, for {1011} and {1012} diffraction peaks,
respectively. After this stress was applied, the elastic strains were constant, which implies
that these grains deform plastically.

The decrease in the elastic strains of grains oriented with the {1011} and {1012} grains
perpendicular to the tensile axis is accompanied by an increase in the elastic strains for
the grains oriented with their prismatic {1010} planes perpendicular to the tensile axis and
for the 14H LPSO-phase. It is interesting to point out that elastic strain of the LPSO phase
increases faster (as a function of the applied stress) than the prismatic orientation.

The behavior of the elastic strains of grains oriented with their {1120} planes perpen-
dicular to the tensile axis is complex and presents three different stages. After yielding,
and up to 298 MPa, the elastic strain increases, following a behavior similar to that of the
elastic strains for the {1010} diffraction peak. Then, the elastic strain decreases following a
behavior similar to that of the elastic strains of {1011} and {1012} diffraction peaks, from
7170 μ strains at 298 MPa to 6359 μ strain at 312 MPa. Then, elastic strain remains almost
constant, which implies that grains oriented with {1120} planes perpendicular to the tensile
axis deform plastically. Finally, the {0002} diffraction peak cannot be accurately fitted in the
plastic regime because of its low intensity, as observed in Figure 8a.

In compression, the macroscopic yield stress was around 302 MPa. Below this level of
stress, the evolution of the elastic strains as a function of the applied stress exhibits a linear
elastic behavior, as found in tension tests. The slope is identical for all analyzed diffraction
peaks for the magnesium phase, with a Young modulus of 47 GPa.

After yielding at 300 MPa, a value equal to that for the tensile test, the elastic strain
of the {1011} and {1012} planes perpendicular to the compression axis deviate from the
straight line, decreasing (in absolute values) the elastic internal strain from 6620 μ strains
at 302 MPa to 4913 μ strains and 4119 μ strains at 320 MPa, for {1011} and {1012} diffraction
peaks, respectively. After this applied stress, the elastic strains are again constant, which
implies that these grains deform plastically.

During the compression test, the elastic strain of the grains oriented with {1010}
planes perpendicular to the compression axis follows the same linear slope observed in the
elastic regime. On the other hand, the decrease (in absolute value) in the elastic strains of
grains oriented with the {1011} and {1012} grains perpendicular to the compression axis is
accompanied by the increase (in absolute value) in the elastic strains of the 14H LPSO-phase,
as measured during the tensile test. However, above 320 MPa, it is not possible to fit this
diffraction peak because the substantial increase in the intensity of the {0002} peak overlaps
the 14H LPSO-phase peak.

The behavior of the elastic strains of grains oriented with their {1120} planes perpen-
dicular to the compression axis is similar to that seen in grains oriented with {1010} planes
perpendicular to the compression axis. After yielding, the evolution of the elastic strain
remains almost linear or asymptotic. The later will imply that these grains are deforming
plastically, as in the tension test.

Finally, the {0002} diffraction peak can be fitted, especially after yield, where its
intensity increases continuously (see Figure 8b). The increase in the {0002} diffraction peak
is caused by the activation of tensile twinning in non-DRXed grains. After yielding, the
elastic strain of twins decreases (in absolute value) from 6620 μ strains at 302 MPa to 5352 μ
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strains at 320 MPa. Above this applied stress, elastic strain of twins increases (in absolute
terms) much faster than seen in the elastic behavior up to 12,470 μ strains at 459 MPa.

Figure 9 shows the bright field images of the extruded samples tested in compression
(Figure 9a,b) and tension (Figure 9c) up to the level of 2% of plastic deformation in the zone
axis of B = [1120]. Under compression, it is possible to observe the presence of tensile twin
in highly oriented non-DRXed grains, which induces a rotation of almost 90◦ with respect to
the parent grain, as was reported in the in situ tests under compression. Twins are very thin,
and can pass among the lamellae presented in these grains. At the same time, twins are not
observed crossing across the complete grain diameter, since they are temporarily pinned
in thick γ precipitates. Twins are not observed in DRXed grains, where a high dislocation
density is generated. Under tension, no twins were observed in either non-DRX or DRXed
grains. A high dislocation density was observed in between the lamellar precipitates.

Figure 9. (a) Bright field image of a non-DRXed grain at the zone axis B = [1120], deformed 2% from
plastic strain under compression. (b) Bright field image of a DRXed grain at the zone axis B = [1120]
deformed 2% from plastic strain under compression. (c) Bright field image of a non-DRXed grain at
the zone axis B = [1120] deformed 2% from plastic strain under tension.

4. Discussion

The microstructure of the extruded alloy exhibits a bimodal grain structure consisting
of randomly oriented fine DRXed grains and non-DRXed grains, highly oriented, with
their basal planes parallel to the extrusion direction. The volume fraction of non-DRXed
grains measured in the alloy is lower (around 30% of volume fraction [30], using the same
processing parameters) than that reported in Mg97Y2Zn1 with similar volume fraction,
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without the presence of the lamellar structure within the magnesium grains. It seems that
lamellar precipitates facilitate the nucleation of DRXed grains at their interfaces.

The relative crystal orientation of both types of grains controls the activation of the
different deformation systems of magnesium. The non-DRXed grains have their basal
planes parallel to the tensile or compressive axis. Therefore, the activation of the basal slip
system is inhibited in these grains. On the other hand, the activation of tensile twinning
is activated only under compression. The crystal lattice is reoriented within twins, where
the basal plane rotates 86◦ with the initial orientation. Therefore, the intensity of the (0002)
diffraction peak increases when tensile twinning begins. Under tension, these grains cannot
deform plastically and they behave in a purely elastic manner until the fracture. It would
be expected that the presence of highly oriented non-DRXed grains would induce a strong
tension–compression asymmetry in magnesium. However, the yield stress values are equal
in both cases, and the tensile and compressive curves are similar up to the point of 3%
plastic strain. Yang et al. [20] also reported, in an alloy with a similar composition but with
a grain structure characterized mainly by highly oriented non-DRXed grains, the same
tensile and compressive behavior at the beginning of the curve. They proposed that LPSO
plates generated at the basal plane effectively impede both the dislocation motion and the
twinning activity. It is interesting to note that in this study, the compression curve (from
yield stress to 3% of plastic deformation) is slightly higher, compared to the tensile curve.
The main microstructural difference, compared to the study of Yang et al., is the presence
of dense LPSO phase observed in this study. We have previously observed that LPSO fiber
induces a higher mechanical strength in the alloy, which increases with the increase in the
volume fraction of the LPSO phase.

The randomly oriented DRXed grains are favorably oriented for the activation of the
slip of <a> dislocation along the basal slip. Therefore, grains oriented with the {1011} and
{1012} planes perpendicular to the tensile or compressive axes lose their linearity only at
the point of macroscopic yield stress. Therefore, independently of the stress mode, the
beginning of plastic deformation is controlled by the DRXed grains. Since the beginning
of the macroscopic plastic deformation is controlled by the activation of the basal slip in
the DRXed sample, no differences would be expected between yield stress under tension
and compression at the beginning of the test. However, when twinning is activated in
non-DRXed grains, the applied stress and work-hardening in the compression tests increase
(around 3% of plastic strain). TEM observation demonstrated that twinning was active at
2% plastic deformation. At the same time, twins are extremely thin, due to the presence of
lamellar-shape precipitates that delay their coalescence and growth. Yang et al. [18] have
shown that LPSO plates plastically deform when they are engulfed by the twins, explaining
the delay of the process of the coalescence and growth of twins.

During the initial state of plastic deformation, DRXed grains oriented with the {1011}
and {1012} planes perpendicular to the loading direction undergo a strong relaxation once
the alloy yields. Since this strain difference, measured using Equation (1), is purely elastic,
the relaxation stress could be grossly estimated using the Young Modulus for the planes
obtained from the slope of the internal strain as a function of the applied stress in the
elastic zone (Δσ = E(hkil) × Δεelas). The relaxation stresses in grains with {1011} and {1012}
planes perpendicular to the loading axis after yield stress are listed in Table 1. These
stresses should be borne by stiff phases, i.e., the LPSO phase, or other magnesium grains
whose crystallographic orientation inhibits the activation of dislocation slip or twinning
system (“hard grains” [39]). The LPSO phase exhibits a higher Young Modulus (around
55 MPa) compared to that of the magnesium phase [40,41]. The relaxed stresses are higher
in the tension test than in the compression, indicating that non-DRXed grains behave as a
reinforcing phase only in tension tests.

Finally, it is interesting to note that from the point of view of the design of these alloys,
both kinds of LPSO phases (LPSO lamellar-shape precipitates within magnesium grains
and LPSO fiber at grain boundaries) are contributing to the reinforcement of the magnesium
phase, although in two different ways. While the LPSO lamellar-shape precipitate show
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a high level of interaction with dislocations and twins within the magnesium grains, the
LPSO fibers assumed an additional stress transferred by the magnesium phase.

Table 1. Internal strains and relaxed stresses at the beginning of macroscopic yield stress in the tensile
and compression tests.

Plane
Internal Strains

(μ Strains)
Stress
(MPa)

Internal Strains
(μ Strains)

Stress
(MPa)

Tension Compression{
1011

}
2033 87 1707 73{

1012
}

3057 131 2501 108

5. Conclusions

The evolution of the internal strains during in situ tension and compression tests
has been measured in the extruded Mg97Gd2Zn1 alloy containing Long-Period Stack-
ing Ordered (LPSO) phase and a lamellar structure within the magnesium phase, using
synchrotron diffraction radiation. The following conclusions can be drawn:

(1) The presence of the lamellar-shape precipitates within the Mg phase before the high
temperature extrusion process promotes the recrystallization process due to the
nucleation of fine equiaxed grains at the interface between the magnesium matrix and
the lamellar-shape precipitates.

(2) The macroscopic yielding is controlled by the activation of the basal slip systems in
the DRXed grains, leading to a low tension–compression asymmetry. During the
onset of the plastic regime, these grains can release a significant part of the assumed
stress, since they can transfer part of it towards hard phases.

(3) The elasto-plastic behavior of non-DRXed grains depends on the stress mode, tension
and compression. Thus, these grains act as a reinforcing phase during tensile testing.
Under compression, the activation of tensile twinning is activated. The presence of
lamellar-shape precipitates delays the propagation of lenticular thin twins through
the non-DRXed grains.
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