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Abstract: TiAISiN and AICrN coatings are two representative coatings with excellent
properties in TiN-based and CrN-based coatings, respectively. Multilayering is one of the
most important directions for coating performance optimization. In this paper, nanoscale
monolayer TiAISiN, AICrN, and multilayer TiAISiN/AICrN coatings were prepared. The
microstructure, mechanical properties, oxidation resistance, and wear resistance of the
above three coatings were investigated. The following properties of the TiAISiN/AICrN
coating, including phase, nanohardness, elastic modulus, adhesion strength, and oxidation
resistance, fall between those of the TiAISiN and AICrN coatings and conform to the “law
of mixtures”. Due to the interfacial effect of the multilayer coating, the residual stress of
the TiAISiN/AICrN coating is less than that of the two monolayer coatings. At 500 °C,
the order of wear resistance of the three coatings is consistent with the order of H3 /E*?
values, i.e., TiIAISIiN > TiAlSiN/AICrN > AICrN; at 800 °C, the order of wear resistance
becomes TiAISiN/AICrN > TiAlISiN > AICrN because TiAISiN coating has entered the
rapid oxidization stage first, reducing its wear resistance.

Keywords: multilayer; TIAISiN; AICrN; oxidation resistance; wear; mechanical properties

1. Introduction

Among Ti-based and Cr-based coatings, TiN and CrN are the two earliest and most
widely used. Their performance can be further improved by adding other elements. Al and
Si are the two most successful additive elements. Al atoms strengthen solid solutions by
replacing Ti in the lattice of TiN, but too much Al will transform TiAIN from a single FCC
phase to a mixed phase structure of FCC and HCP, decreasing the coating’s mechanical
properties. In addition, the dense and chemically stable Al,O3 generated by the oxidation
of Al is also responsible for the improved resistance to oxidation of Al-containing coatings.
AITiN- and AICrN-coated tools have been successfully used in machining because of their
excellent hardness and high-temperature oxidation resistance [1,2]. Since TiO, undergoes a
phase transition from dense o-TiO, to loose r-TiO; at high temperatures, whereas Cr,O3
does not have such a change, AICrN has superior resistance to oxidation than AITiN.

Si was added to TiAIN to obtain TiAISiN coating. Nanocomposite structures have
been proven to exist in such coating [3,4]. This structure consists of amorphous SizNy
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surrounding TiN grains, while Al is solidly dissolved in the TiN lattice. This nanocom-
posite structure hinders dislocations and refines the grains, thus enhancing the coating’s
hardness [5], which will contribute to its wear resistance. Coating wear resistance is also
related to the modulus of elasticity E. Many researchers have used the H/E* and H3 /E*?
values to comprehensively evaluate the effects of hardness and modulus of elasticity on
coating wear resistance [6,7]. The nanocomposite structure can inhibit the TiN grains
encapsulated by the amorphous phase from growing up at high temperatures and also
prevent the intrusion of oxygen, so TiAISiN obtains excellent high-temperature stability, as
well as oxidation resistance [8,9]. This will help it be used in high-temperature, high-stress
applications such as high-speed machining of difficult-to-cut materials [10,11].

In recent years, making coatings into multilayers has become an effective means of
obtaining comprehensive coating performance. Due to their unique interfacial effects,
multilayer coatings offer outstanding toughness, corrosion resistance, and thermal stability
over monolayer coatings [12]. In the study of CrN/ZrN [13] multilayer coatings, the
oxidation resistance of the coatings was found to increase as the number of layers increased.
The modulation period has a decisive influence on multilayer coatings’ microstructure and
mechanical properties. In the study of TiAISiN/CrN [14] multilayer coatings, it was found
that the columnar crystal grain size increased with decreasing modulation period, while the
hardness and elastic modulus first increased and then decreased. Adjusting the composition
and thickness of the different layers within multilayer coatings can improve the coating’s
wear resistance. In the study of AICrBN/AITiBN [15] multilayer coatings, the lowest wear
rate of 8.7 + 2.3 x 1077 mm3/Nm was obtained when the thicknesses of AITiBN and
AICrBN were set to 6.5 nm and 16.7 nm, respectively. Baijun Xiao [16], in his experiments
on turning SKD11 (equivalent to AISI D2 steel), found that the AICrN/AlTiSiN-coated tool
had a longer life of about 800 m compared to the monolayer AICrN and AITiSiN coatings.
This can be attributed to its higher hardness, adhesion strength, and resistance to oxidation.

Past studies have focused on the properties or preparation of TiAISiN or AICrN
coatings. However, fewer comparative studies have been conducted between the two
coatings and the multilayer coating made from both of them, and the conclusions have not
been inconsistent.

2. Materials and Methods
2.1. Coating Deposition

The coatings in this paper were manufactured using the multi-arc ion plating technique
(NH-10758 multifunctional PVD coater, Dongguan Nahu Crystal Materials Co., Dongguan,
China). The coated substrate was fitted on a rotating shelf inside the furnace chamber
and has three dimensions of rotational motion, as illustrated in Figure 1a. For monolayer
coating, targets are loaded on one side only, either on the left or right; for multilayer
coating, targets of different compositions are loaded on opposite sides. The structure and
composition of TiAISiN/AICrN multilayer coating were designed according to Figure 1b.
The modulation period of the multilayer coating is determined by the rotational speed of
the rotating shelf. In our team’s published study [17], the rotational speed of the rotating
shelf was set to 2 r/min, and TiAISiN/AICrN multilayer coating with a 20 nm modulation
period was obtained. This nanoscale modulation period was confirmed by TEM. In this
paper, the rotational speed of the rotating shelf was doubled to 4 r/min, and a 10 nm
modulation period of TiAISiN/AICrN multilayer coating will be obtained.
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Figure 1. Illustration of coating fabrication and coating structure: (a) fabrication equipment for
multilayer coating; (b) structure of multilayer coating.

The coated substrates are as follows: a WC cemented carbide block with a Co mass
fraction of 6% and a size of 18 x 18 x 5 mm for mechanical property testing and fracture
cross-section observation; single-crystal alumina with an outer diameter of 51 mm and a
thickness of 0.5 mm for high-temperature oxidation test; a polycrystalline alumina with
dimensions of 23 x 10 x 0.5 mm for thermogravimetric analysis (TGA); and an AISI 304
stainless steel sheet with dimensions of 60 x 10 x 0.8 mm for residual stress testing. The
substrates were polished, cleaned, and put into the furnace chamber, which was evacuated
to 5.0 x 1073 Pa and heated to 500 °C. Next, the substrate was glow-cleaned for 9.5 min by
passing 0.6 Pa argon gas at a bias voltage of 800 V and was then anodically etched for 20 min
at a bias voltage of 300 V to further clean and activate the substrate surface. Then, nitrogen
was passed in three stages at pressures of 2 Pa, 3 Pa, and 3 Pa, corresponding to bias
voltages of 30 V, 40 V, and 60 V, and target currents of 145 A, 160 A, and 160 A, respectively.
The above changes form a gradient layer, reducing the residual stress and enhancing the
adhesion between the coating and the substrate. To achieve the same thickness of 3.5 um
for all three coatings, the deposition times of TiAISiN, AICrN, and TiAISiN/AICrN coatings
were 194 min, 111 min, and 74 min, respectively. Finally, the samples were taken out after
the temperature was lowered to room temperature.

2.2. Coating Characterization

The surface and fracture cross-section morphology and composition of the coatings
were measured using a Nova NanoSEM 430 (FEI, Eindhoven, The Netherland). Phase
analysis of the coatings was carried out using a Bruker D8 Advance X-Ray Diffractometer
(Bruker Corp, Billerica, MA, USA). The parameters were set to a 20 angle of 25°~85°, a
step size of 0.02°, a dwell time of 0.5 s per step, and an incidence angle of 1° for grazing
incidence XRD (GIXRD). The dwell time per step for conventional X-ray diffraction (XRD)
was adjusted to 0.3 s. The coatings” nanohardness (H) and elastic modulus (E) were
measured by nanoindentation using Anton Paar’s TTX-NHT2 (Anton Paar, Graz, Austria).
Test conditions were established with an applied load of 10 mN, a loading rate of 15
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mN/min, a maximum depth of 120 nm, and a load retention time of 5 s at the maximum
depth. It was necessary to restrict the indentation depth to 10% of the coating thickness in
order to minimize substrate interference with the coating’s nanohardness. The adhesion
strength between the coating and the substrate was measured using an Anton Paar RST3
Scratch-meter (Anton Paar, Graz, Austria). The parameters were set as a diamond tip
diameter of 200 um, an applied load ranging from 1 to 100 N with a loading rate of
200 N/min, and a scratch length of 3 mm. The residual stresses in the coating were
measured using the Supro Instruments FST-1000 Film Stress Tester (SuPro Instruments
Ltd., Shengzhen, China) and then calculated using the Stoney equation [18]. TGA testing
of the coatings was carried out using a NETZSCH STA449F5 thermogravimetric analyzer
(NETZSCH Group, Bavarian, Germany). The heating rate was 10 K/min, and the dry
airflow was maintained at 50 sccm during the entire experiment. Oxidation experiments
on the coatings were carried out in a TSX1700 mutffle furnace (Cinite, Beijing, China). The
coatings were exposed to temperatures of 800 °C, 950 °C, and 1050 °C with a 3 h dwell
time.

The coatings’ resistance to wear was tested using an Anton Paar THT high-temperature
ball and disk friction tester (Anton Paar, Graz, Austria). The counterbody was a polycrys-
talline Al,O3 ball, measuring 6 mm in diameter. The test parameters were load 10 N, linear
velocity 0.1 m/s, friction radius 2 mm, and the number of friction circles 8000 at 500 °C and
6000 at 800 °C, equivalent to a distance of 100 m and 75 m, respectively. A lower number
of cycles is set at higher temperatures to prevent the coating from being worn through at
elevated temperatures.

The formula for calculating the coating wear rate is as follows:

_ 14
T LxP

)

where W is the wear rate, V is the volume of material lost in the friction experiment in
mm?, L is the total length of the friction in m, and P is the load in N. V' is equal to the
product of the cross-sectional area of the wear track and the circumference of the circle, the
cross-sectional area of the wear track is measured in the laser confocal software, and L is
calculated as the product of the number of circles and the circumference.

Surface roughness tends to make the nanoindentation data discrete. Five randomly
selected test points on the surface were needed, and the data obtained were evaluated for
variability by calculating the mean and standard deviation. Outliers were identified using
the Grubbs test and excluded if they were significantly out of the expected range. Scratch,
residual stress, and cross-sectional area of the wear track were measured three times each
to ensure data reliability and repeatability.

3. Results and Discussion
3.1. Phase and Microstructure

Figure 2 presents the fracture cross-sections and surface morphologies of the TiAISiN,
AICrN, and TiAISiN/AICrN coatings. The AICrN coating exhibits distinct columnar
crystal structures, whereas the TiAISiN and TiAISiN/AICrN coatings display featureless
morphologies, typical of Si-containing coatings. Numerous white microparticles are evenly
distributed across the surface of the coatings, which exhibits a typical deposition pattern
of arc ion plating. This is because the cathodic arc produces an arc spot on the target’s
surface with a small breakdown area and, thus, a high-power density. Under the combined
effect of internal expansion pressure and negative bias pressure at the substrate end, the
metal in the molten pool splashes onto the substrate surface and forms particles before
it can evaporate [19,20]. Among these target materials, Al has the lowest melting point.
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Additionally, the AICrN coating contains the highest Al content among the three coatings.
Consequently, the AICrN coating exhibits the most white microparticles on its surface,
followed by the TiAISiN/AICrN coating.

TiAISIN

Cross-
section

Top- [
surface H

Figure 2. Morphology of fracture cross-section and top surface for three coatings: (a,b) TiAISiN;

(c,d) AICIN; (e,f) TIAISIN/AICIN.

The chemical compositions of the three coatings were analyzed using EDS, and the
results are presented in Table 1. The elemental ratios closely match the target. However, the
Si content is lower than the target due to its lower deposition rate compared to Al and Ti.

Table 1. Coating thickness and composition measured by SEM and EDS.

TiAISIN/AICTN

Target

Coating

Thickness
(um)

Chemical Composition (at.%)

Al Cr Ti Si

Tig.45Al0.45510.10
Alg7Cro3
Tig.45Alg.455i0.10 and
Alg7Cro3

TiAISIN
AICrN

TiAISIN/AICTN

3.69
3.63

3.52

20.22 — 22.66 3.89
33.81 18.14 — —

27.43 7.38 11.71 2.27

53.23
48.05

51.21

Figure 3 shows the phase analysis results of the coatings obtained using GIXRD. Ac-
cording to ICDD No. 38-1420 for c-TiN and ICDD No. 11-0065 for ¢-CrN, the diffraction
peaks corresponding to the (111), (200), (220), (311), and (222) planes of the cubic phases
of c-TiAIN and c-CrAIN are observed in both TiAISiN and AICrN coatings. The TiAISiN
coating exhibits a pronounced TiN (200) plane preferred orientation, whereas the AICrN
has a CrN (111) preferred orientation. The diffraction peaks of TiAISiN/AICrN coating
appear between the standard peaks of ¢-TiN and ¢-CrN, indicating that the TiAISiN/AICrN
coating exhibits a mixed cubic phase structure of c-TiAICrN, characterized by a preferred
orientation along the (200) plane. Distinct w-AIN phases (ICDD No. 25-1133) are observed
in both the TiAISiN and TiAISiN/AICrN coatings but not in the AICrN coating, despite the
higher Al content (70 at.%) present in the AICrN coating. Other researchers have made sim-
ilar findings [21]. This is attributed to the fact that the solubility of Alin TiN is less than that
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of CrN, and the introduction of Si further reduces the solubility of Al in TiN. Both factors
result in the formation of w-AIN phases in the TiAISiN and TiAISiN/AICrN coatings.

i1y 200) o c-TiN (220) (311) 222)
0o Pe o c-AN 79 Qoo ¢
= L= = = !
L P o w-AIN |} 1 i
g c¢-CrN
; T?AIS'N/AIC N§ i? 7Y
AISi r D
> i Lo
D
c
()
IS
TiAISiN P
: . R ; g ; LT , MWM‘?A.
30 40 50 60 70 80

Two theta angle (deg.)

Figure 3. XRD patterns of three coatings.

3.2. Mechanical Properties

The nanohardness and elastic modulus of TiAISiN, AICrN, and TiAISiN/AICrN
coatings are presented in Figure 4. The highest nanohardness and lowest elastic modulus
are obtained for the TiAlSiN coating, while these two metrics for the TiAISiN/AICrN
coating are in between those for the TiAISiN and AICrN monolayer coatings, which is by
the “law of mixtures”. A coating’s plastic deformation and wear resistance can also be
usually measured by H3/E*? [22,23], where E* is equal to E(1 — p?). The higher the value
of H3/E*2, the higher the coating’s plastic deformation and wear resistance. Since TiAISiN
coating has the highest nanohardness and lowest modulus of elasticity, it has the highest

H3/E*? value.
40 600 030
L H B E & HYE*?
s [ }T 4500 | oo
of | pEd |7 I =
_ 1 7% Jio &
© —— =
i ad 7 7 e g 1020
77 W 7 181 =
kel .
Bistl// 7 270
T {200°G
10 7 ksl 8]
s % 7 1100 '
7 7
- 0.05
TIAISIN TIAISIN/AICIN

Figure 4. Nanohardness and elastic modulus of three coatings.

The adhesion strength between the coating and the substrate is one of the most
important factors in evaluating a coating’s performance. Figure 5 presents the critical Lc2
and Lc3 values of the three coatings measured during the scratch test. Lc2 represents the
load at which cracks initiate and minor coating flaking occurs, whereas Lc3 indicates the
load at which the substrate becomes exposed. Typically, Lc2 is regarded as the critical
load for coating failure and serves as a measure of coating adhesion strength. The AICrN
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coating exhibits the highest adhesion strength. In comparison, the TiAISiN coating exhibits
an Lc2 value of only 41 N, whereas the adhesion strength of the TiAISiN/AICrN coating
falls between the other two coatings. The significant difference between the Lc2 and Lc3
values for the multilayer coating, along with the presence of powdery debris distributed on
both sides of the scratches, indicates that the multilayer coating tends to gradually detach
from the substrate in thin layers. Conversely, the slight difference between the Lc2 and L¢3
values of the two monolayer coatings indicates that these coatings are completely removed
quickly upon reaching the critical load (Lc2). This rapid detachment is confirmed by the
presence of large debris fragments on both sides of the scratches. After the addition of Si,
the poor bonding of amorphous SisNy to the substrate crystals and the higher residual
stresses within the coating result in reduced adhesion strength of the TiAISiN coating [23].
The residual stress values of the three coatings are —8.3 GPa for TiAISiN, —5.8 GPa for
AICrN, and —3.6 GPa for TiAISIN/ AICrN, respectively. The lower stresses in the multilayer
coating are attributed to the interfacial effect of the increased number of coating interfaces,
which effectively release the internal stresses throughout the coating.

Scratch distance (mm)

Ny ; . 3 %

Lc2=53 N Lc3=82 N
5 10 15 20 25 30 35 40 45 50 55 60 65 70 75 80 85 90 95 100
Load (N)

Figure 5. The critical Lc2 value and corresponding optical graphs after the scratch test of
three coatings.

3.3. High-Temperature Oxidation Resistance

Figure 6 depicts the TGA curves of TiAISiN, AICrN, and TiAISiN/AICrN coatings
subjected to continuous heating from room temperature to 1450 °C in synthetic air. The
oxidized weight gain of the three coatings is imperceptible until 900 °C. From 950 °C to
1050 °C, the TiAISiN coating’s TGA curve suddenly forms a local peak upward, indicating
the emergence of some kind of new oxidation mechanism. Further, the TiAISiN coating
enters a rapid oxidation stage. As the temperature increases to 1375 °C, the oxidation
weight gain of the TiAISiN coating remains unchanged, signifying that the coating has
undergone complete oxidation and reached the terminated oxidation stage. On the contrary,
the oxidation of the AICrN coating is not complete by the end of the experiment at 1450 °C,
suggesting that the oxidation resistance of the AICrN coating exceeds that of TiAISiN. Mean-
while, the initial and termination oxidation temperatures of the TiAISiN/AICrN multilayer
coating are 1200 °C and 1400 °C, respectively, between the two monolayer coatings.
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Figure 6. TGA curves of three coatings in synthetic air atmosphere.

For the oxidation details of the coatings, the three coatings were oxidized at 800 °C,
950 °C, and 1050 °C for three hours. Figure 7 shows the surface morphology after oxidation.
From 800 °C to 1050 °C, the surface of the TiAISiN coating undergoes the greatest change,
with the number of oxides increasing significantly and the oxide particles gradually becom-
ing larger. While the surface of the AICrN coating has the smallest change, the magnitude
of change in the TiAISiN/AICrN coating is between the above two.

TIAISIN

AICrN

Figure 7. Morphology of top surface for three coatings after oxidizing at high temperature for
three hours.
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XRD was performed on the oxidized surfaces to identify the oxidation products, and
the results are presented in Figure 8. At 800 °C, no oxide peaks appear on the surface of any
of the three coatings. At 950 °C, three oxides, Al;O3 (ICDD No. 10-0173, ICDD No.26-0031,
ICDD No. 46-1131), «-TiO, (ICDD No. 21-1272), and r-TiO, (ICDD No. 21-1276), appeared
in the TiAISiN coating, as shown in Figure 8a. At 1050 °C, the peak intensity of Al,O3
was enhanced, especially at a diffraction peak of 64.5°. The peak intensities of the two
oxides of TiO, show opposite trends, with a-TiO, weakening, e.g., 25.2°, 48.0°, and 55.0°,
and r-TiO, enhancing, e.g., 36.0° and 54.3°, suggesting that TiO; is in the process of phase
transition from o-TiO; to r-TiO, from 950 °C to 1050 °C. The onset temperature of this
phase transition is after 800 °C and before 950 °C. It is consistent with the findings of
Kumar [24] and Shi [25]. They suggested that the phase transition from «-TiO; to r-TiO,
occurs gradually between 800 °C and 1000 °C and is completed at 1100 °C to 1200 °C.
The phase transition of TiO, explains the local peak near 1050 °C in the TGA curve of the
TiAlISiN coating in Figure 6. From 950 °C to 1050 °C, the enhancement of the oxide peaks
of both AICrN and TiAISiN/AICrN coatings is almost negligible. The weaker intensity
of their oxide peaks compared with TiAlISiN indicates that their oxidation resistance is
significantly superior to that of TIAISiN. The above results are consistent with the TGA
results in Figure 6.
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Figure 8. XRD patterns of coatings after high-temperature oxidation tests: (a) TiAISiN; (b) AICrN;
(c) TIAISiN/AICrN.
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SEM observations and EDS mapping were conducted on the fracture cross-sections
of the three coatings oxidized at 950 °C and 1050 °C, respectively. At 950 °C, the oxides
of the TiAlSiN coating showed a bilayer structure, as shown in Figure 9a,b. With ref-
erence to the XRD results, the upper layer is Al,O3, and the lower layer is TiO,. Since
AG? = —1336 KJ/mol for Al,03 and AG? = —753 K] /mol for TiO,, Al,O; is preferentially
generated and located in the upper layer. The dense Al,Os film covering the surface of the
coating can block the diffusion of oxygen into the interior of the coating, thus improving
the high-temperature oxidation resistance of the coating [26]. Since the thermal expansion
coefficient of TiO; (10.5 x 10~°/K) is larger than that of Al,O3 (8.4 x 10~°/K) [27], when
the temperature continues to increase to 1050 °C, the upper layer of Al,Oj; is tensile cracked.
The unoxidized and highly concentrated Ti in the lower layer diffuses along the crack to
the upper layer. Therefore, as seen in Figure 9d, the upper layer of the oxide is transformed
into a Ti-rich oxide, and the lower layer is a mixed Al-Ti oxide.

950+C

Substrate

f 2.5pum \ f 2.5pum ) I 2.5pum .
Ti Kal Al Kol O Kal
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Figure 9. Morphology and EDS mapping of TiAISiN coating fracture cross-section after oxidizing at
high temperature for three hours: (a,b) 950 °C; (c¢,d) 1050 °C.
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Compared to «-TiO;, -TiO; is loose and porous, so when it appears in large quantities,
it is accompanied by the appearance of a large number of pores within the oxide, which
allows for an additional mode of diffusion of oxygen and metal by mass transport in
addition to the original short-circuit diffusion. The whole oxide layer is filled with r-
TiO, from phase transition at 1050 °C, providing a convenient channel for the outward
migration of Ti. When a significant amount of Ti diffuses away from the oxide-nitride
interface, micropores are formed, and the micropores are further connected to form a
slit, as shown in Figure 9c. Even so, oxidation at 1050 °C for three hours is slow, and
the coating’s oxidized thickness is less than 15% of its total thickness. The outstanding
oxidation resistance of the TiAISiN coating is attributed to the presence of Si. First, the
nanocomposite structure of the coating extends the oxygen diffusion path; second, Si has
the effect of preventing the transformation of TiO; from dense x-TiO; to looser r-TiO;,
which retards the oxidation of the coating [28]; and third, SiO,, an oxide of Si, also plays a
protective role in the antioxidant property of the coating [29]. SiO; yields were very low
and not detected in the EDS or XRD test.

Figure 10 shows the morphology and EDS mapping of the fracture cross-section of the
AICrN coating after oxidation for three hours at 950 °C and 1050 °C. The oxide layer of the
coating at 950 °C is also double-layered, as shown in Figure 10a,b. From the corresponding
Al,O3 and CryOs3 at 33.3° and 36.2°, respectively, in Figure 8b, it can be seen that the
upper layer of the oxide is Al;O3, and the lower layer is a mixture of Al,O3 and Cr,O3, as
observed by Xiang D. Zhang [30]. Al,Oj3 is located in the upper layer for the same reason
because its AG? is much lower than that of Cr,O3, which is —845 KJ/mol, so Al,Oj is
preferentially generated and located in the upper layer. At 1050 °C, the delamination at
950 °C is no longer present, and the whole oxide layer is a mixture of Al;O3 and CryOs.
AICrN coating did not replace the upper oxide layer at 1050°C like TiAISiN coating because
the thermal expansion coefficient of Cr,Oj is only 7 x 1079 /K, less than that of Al,O3,
and the thermal stresses could not tear apart the upper Al,O3 and release the Cr ions.
However, at this temperature, the diffusion rate of Cr ions inside the oxide dramatically
increases compared to Al [31,32]. The Cr gathered in the lower layer diffuses upwards
and mixes with Al. We already know that Al,O3 and Cr;O3 have the same hexagonally
symmetric corundum crystal structure, and the final formation of Cr,O3; and Al,O3 exists
as a solid solution of (Cr, Al);O3. Assuming a higher temperature or a longer duration of
the experiment, delamination of the oxide with Cr,O3 located in the upper layer will occur,
as seen by Yuxiang Xu [32] after oxidizing AICrN at 1100 °C for 20 h.

Figure 11 shows the morphology and EDS-mapping of the fracture cross-section of the
TiAISiN/AICrN multilayer coating after oxidation for three hours at 950 °C and 1050 °C.
At 950 °C, just as it is difficult to perceive the presence of the oxides in the XRD of Figure 8c,
the thickness of the oxides shown in Figure 11a,b is significantly smaller than that of
the other two monolayer coatings at this temperature. In addition, Al, Cr, or Ti oxides
are not delaminated but mixed. This should be attributed to the numerous interlayer
interfaces possessed by the multilayer coating, which act as barriers to oxygen and metal
ion diffusion [33]. All metal ions, including Al, which has the strongest affinity for oxygen,
are imprisoned in situ and oxidized. Therefore, the multilayer coating shows reduced
oxidation and no delamination of the oxides at 950 °C. At 1050 °C, the oxide’s thickness
increased, and the Ti concentration in it enhanced significantly, indicating that the TiO,
increased significantly. In addition, the same slit as the TiAISiN coating appeared at the
interface between the oxide and nitride, as shown in Figure 11c. All these phenomena are
still caused by the r-TiO, coming from the phase transition at this temperature. The r-TiO,
accompanying the pores weakens the multilayer structure’s hindering effect on diffusion,
resulting in increased oxidation and a thicker oxide layer. In addition, the involvement
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of r-TiO, makes it impossible to form a continuous dense (Cr, Al),Oj3 film like AICrN in
the outermost layer of the oxide, so the surface of the oxide layer is rugged, as seen in
Figure 11d. In this case, the barrier effect of the oxide layer decreases significantly. It has
been proposed that Ti has a negative effect on the oxidation resistance of the AICrN coating,
attributed to the greater affinity of Ti for oxygen and the cracking of the (Cr, Al),O3 surface
film induced by the growth stress of TiO; [32]. However, in terms of affinity, Al has a
greater affinity for O. In addition, the molar volume per unit oxygen atom of TiO; lies
between Al,O3 and Cr,03, so TiO; cannot be considered to have more significant growth
stress. We argue that the more likely cause of TiO, damage to the (Cr, Al),O5 surface film
is the thermal stress determined by its maximum coefficient of thermal expansion, rather

than its growth stress.
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Figure 10. Morphology and EDS mapping of AICrN coating fracture cross-section after oxidizing at
high temperature for three hours: (a,b) 950 °C; (c,d) 1050 °C.
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Figure 11. Morphology and EDS mapping of TiAISiN/AICrN coating fracture cross-section after
oxidizing at high temperature for three hours: (a,b) 950 °C; (c,d) 1050 °C.

3.4. High-Temperature Wear Resistance

Figure 12 shows the friction coefficient curves of the three coatings, TiAISiN, AICrN,
and TiAISiN/AICrN, after friction tests at two temperatures. First, the amplitudes of the
curves at the two temperatures are analyzed. Compared to the ambient temperature of
800 °C, the curves of the three coatings at 500 °C fluctuate dramatically, especially for
the AICrN coating. This is caused by the original microscopic asperities and wear debris
generated by friction on the contact surfaces. A large amount of wear debris is visible
in SEM Figure 13f of the coating after the friction test. At 800 °C, the number of oxides
involved in the friction process increases considerably. Although the XRD in Figure 8
does not show visible oxides, the friction surface temperature should be higher than the
ambient temperature, so oxides exist. On one hand, these oxides fill in the grooves in the
wear scar; on the other hand, they themselves act as a lubricant [8]. Second, the change
in the mean friction coefficient from 500 °C to 800 °C is analyzed. The mean friction
coefficient of the TIAISiIN/AICrN coating decreases from 0.65 to 0.35 and that of the AICrN
coating decreases from 0.5 to 0.25, while that of the TiAISiN coating shows no reduction.
This is because the first two coatings both contain Cr,O3. Other researchers have also
found that the lubricating effect of Cr,O3 reduces the friction coefficient [34]. The TiAISiN
coating achieves the lowest friction coefficient related to its smooth and hard surface. The
TiAISiN/ AICrN multilayer coating exhibits the highest friction coefficient, possibly due to
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the impact of the multilayer structure on the production of wear debris, requiring further
investigation.
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Figure 12. Friction coefficient curves of the three coatings at two temperatures.

Figure 13. Wear tracks of three coatings after wear test at high temperatures: (a-d) TiAISiN;
(e-h) AICrN; (i-1) TiAISiN/AICrN.

After the friction test, the morphology of the wear tracks of the three coatings is
analyzed. At 500 °C, the AICrN coating exhibited the most conspicuous wear tracks. The
friction produced a large amount of debris, which accumulated on the wear tracks, as
shown in Figure 13f. The TiAISiN coating had imperceptible wear tracks; TiAISiN/AICrN
was intermediate between the two. The wear rate histograms in Figure 14 support the
above observations. The AICrN coating has the highest wear rate, the TiAISiN coating
has the lowest, and the TiAISiN/AICrN coating is in the middle of the range. At 800 °C,
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compared to 500 °C, the wear tracks of the TiAISiN coating became obvious, and a large
amount of debris was generated, as shown in Figure 13d, indicating that the wear of this
coating had worsened. In contrast, the wear tracks of the AICrN and TiAISiN/AICrN
coatings became smoother, suggesting that the wear of these two coatings was reduced.
Again, the wear rate histograms support the above observation. The wear rate of the
TiAISiN coating increases with increasing temperature and exceeds that of TIAISiN/AICrN.
In contrast, the wear rate of TiAISiN/AlCrN and AICrN does not increase but decreases. In
addition, regardless of whether the temperature is 500 °C or 800 °C, the wear rate of AICrN
coating is the highest compared to the other two.
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Figure 14. Wear rate of three coatings at high temperatures.

The explanation for the above results is firstly analyzed from the point of view of
nanohardness and elastic modulus (Figure 4). The higher the H3/E*? value, the stronger
the resistance to plastic deformation and wear [22,23]. The order of the magnitude of the
H3 /E*? values for each coating is TIAISIN > TiAISiN/AICrN > AICrN, which is consistent
with the order of the resistance to wear of the coatings obtained from the friction tests at
500 °C. At 800 °C, although the temperature becomes higher, as AICrN and TiAISiN/AICrN
have higher onset oxidation temperatures than TiAISiN, as shown in Figure 6, the H3 /E*?
value still dominates the wear resistance of these two coatings, and then AICrN still
maintains the highest wear rate at 800 °C. However, for TiAISiN, although the ambient
temperature of 800 °C does not reach its onset of oxidation temperature of 900 °C, in the
actual friction tests, the temperature of the friction surface should be higher than the ambi-
ent temperature, meaning that the TiAlSiN coating has been oxidized and is thus unstable.
The result is that the wear rate of TiAISiN overtakes that of TIAISiN/AICrN coating.

4. Conclusions

(1) THAISIiN/AICrN multilayer coating shows a mixed crystal structure of TiAISIN
and AICrN in the phase; the nanohardness, elastic modulus, and adhesion strength of
the multilayer coating conform to the “law of mixtures,” i.e., the above properties of
TiAISiN/AICrN multilayer coating fall between those of the two monolayers. Benefiting
from stress relief due to interfacial effects, TIAISiIN/AICrN multilayer coating exhibits
significantly lower residual stress than the two monolayer coatings.

(2) The order of oxidation resistance of the three coatings is TIAISiN < TiAISiN/AICrN
< AICrN. The oxidation resistance of the TIAISiN coating is attributed to the dense oxidation
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product Al,O3 and the nanocomposite structure formed by Si. However, the loose porous
oxide of Ti, TiO,, negatively affects its oxidation resistance. The oxidation resistance of
AICrN coating benefits from the combined protection of the dense oxidation products
Al,O3 and CrpO3. The oxidation resistance of TiAISiN/AICrN multilayer coating inherits
the advantages and disadvantages of the two monolayer coatings.

(3) The effect of the coatings’ mechanical properties and oxidation resistance on the
wear resistance depends on the temperature. At 500 °C, the order of wear resistance of the
three coatings is consistent with the order of H3/E*2 values, i.e., TIAISiN > TiAISiN/AICrN
> AICrN; at 800 °C, the coating’s oxidation resistance plays a crucial role, so the order of
wear resistance changes into TiAISiIN/AICrN > TiAISiN > AICrN due to TiAISiN oxidizing
before TiAISiN/AICrN.
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Abstract: Transition metal dichalcogenide coatings have emerged as potential candidates
for terrestrial and aerospace mobility applications. Among these, the alloyed MoSe;
coatings have displayed promising results while sliding in diverse environments. N-
alloyed Mose; coatings provide the additional benefit of overcoming the impact of PVD
compositional variations on dry sliding, making them promising solid lubricants for
mobility-sector applications. However, the impact of long-term storage has never been
investigated for this rarely studied solid-lubricant system. This study investigates the
tribological performance of direct current magnetron sputtered MoSeN coatings after 40
months of storage in an ambient atmosphere. Sliding tests were conducted under conditions
consistent with pre-storage conditions. The results showed that coatings with 0 at. %, 22 at.
%, 33 at. %, and 35 at. % N-alloying exhibited COF values nearly identical to the pre-storage
results, with only a negligible increase in ~0.01. Similarly, all coatings displayed specific
wear rates in the range of 1077, aligning with earlier findings. The obtained results show
that the sliding performance of MoSeN coatings does not deteriorate over time, highlighting
their suitability for critical aerospace applications, where components and assembled parts
may be stored for years before launching into space or in actual applications.

Keywords: MoSeN coatings; storage life cycle; solid lubricant; friction and wear;
aerospace industry

1. Introduction

In past few decades, considerable efforts have been made to develop a solid lubricant-
based coating system that can mitigate the adverse effects being faced due to liquid lubrica-
tion in both terrestrial and non-terrestrial atmospheres [1-3]. Thus, the modern research
is aggressively focused on the optimization of tribo-mechanisms for reduction in friction
and wear in mobility sectors via a sustainable solid lubricant coating system. This research
has brought forth promising results, and a few of these coatings are already in use with
continuing efforts for their efficiency enhancement [4-6].

Moreover, similar efforts resulted in emergence of a potentially suitable systems based
on transition metal dichalcogenide (TMD) coatings [7,8]. Basically, TMDs have a layered
structure which helps to provide easy shear properties and thus fulfill the requirements
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of low friction materials [9,10]. TMDs have been utilized since 1960s [11]. Significant
efforts have been made to enhance the properties of TMD based coatings for efficient
sliding. These include preparation by ion-beam-assisted depositions, RF, DC, Diode, and
magnetron sputtering sources [12-17]. Similarly, refs. [18-22] report the efforts carried out
to prepare TMD coatings with enhanced characteristics after alloying of metals and their
oxides or preparing them in the form of multi-layers. Nevertheless, the reports published
in ref. [8,14,23] provide thorough understanding of various approaches that were used
to synthesize optimized TMD coatings until the late 19th century, as well as the critical
performance results in various sliding conditions. However, despite promising results,
developing a suitable solid lubricant that can provide long-term lubrication was an issue.
The sputtered coatings based on pure TMDs are actually not capable of resisting wear
due to their low load-bearing capabilities [24,25]. Additionally, the porous morphology is
not capable of resisting moisture and similar environmental attacks, resulting in adverse
sliding performance and increments of COF [22,26,27]. In an effort to combine different
types of 2D materials for enhanced sliding efficiency and to overcome the adverse effects of
pure TMDs, Voevodin combined the pure WS, coatings with WC and DLCs to enhance the
environmental resistance and load-bearing capabilities of these coatings [28]. Productive
results were obtained, and the coating sliding performance improved substantially. This
was followed by thorough investigations of these coatings where efforts were made that
involved alloying with different metals [29-33] and non-metals [34-37] explored to enhance
the compactness, reduce porosity, and improve load-bearing capabilities for effective
enhancement in wear resistance. The efforts resulted in fruitful results, with the best
performance being achieved with both C and N alloying of different TMDs (e.g., MoS,,
WS,, and MoSe).

Among these coating systems, the direct current (DC) magnetron sputtered N-alloyed
MoSe; (i.e., MoSeN) system has been recently developed and reported by current au-
thors [38]. These MoSeN coatings displayed promising sliding properties in ambient
air and proved suitable for 3D complex parts as they efficiently overcame the impacts of
compositional variations on the sliding efficiency typically faced in PVD sputtered coatings.

Despite the development of different coating systems that can provide low friction
in different environments, the scientific community pays less attention to a crucial aspect,
i.e., the storage life analysis of these under-development coatings. In the urge to develop
a long-lasting and durable solution, it is critically important to see the performance of
solid lubricant coatings over time. This is vital as the coatings may perform above expecta-
tions soon after synthesis; however, long-term storage may degrade their efficient sliding
performances. There are various means of degradation of the properties like (i) the stor-
age conditions and atmosphere, (ii) the moisture present in the ambient atmosphere, and
(iii) the temperature fluctuations that are experienced in seasonal variations, etc. All these
factors can contribute to the changes in surface properties like impurities introduction,
built-up of atomic layer oxides, or modifications of the structure of the coatings due to cor-
rosion or environmental degradation (e.g., due to moisture attack), etc. It is very common
in industries that coated parts often remain in inventory for years before being employed
in machines. Thus, understanding consistent efficiency, regardless of the time elapsed
before use, is crucial. As per the best knowledge of the present authors, only a few studies
report the analysis of TMD coatings after some years of storage. For example, a study by
Gustavsson et al. [39] mentioned only the analysis of chemical composition and structure
of Mo-Se-C coatings after a gap of 5 years, and no significant variation was achieved in
these properties. Similarly, the aging effects of TMDs and the growth of thin oxide layers
have been reported in various studies referred to in refs. [40—42].
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To the best of our knowledge, the impact of long-term storage on sliding properties of
alloyed-TMD coatings, especially Mo-Se-N, has never been explored. Thus, considering the
need to assess the sliding properties after long-term storage, MoSeN coatings deposited by
current authors in April 2021 were re-evaluated after 40 months of storage and compared
with previously measured results. Over a period of 40 months, these coatings were stored
under ambient air conditions in plastic bags without any additional precautions. Therefore,
the aim of this study is to emphasize the critical need to assess the storage durability of
the coatings, particularly for demanding applications in industries such as automotive and
aerospace, where consistent performance over an extended (storage) period is crucial.

2. Experimental Procedure

The coatings were synthesized in a semi-industrial scale deposition chamber by a N»
gas reactive magnetron sputtering of a DC-powered MoSe; target in an Ar atmosphere.
The depositions were carried out at a fixed chamber pressure of 0.27 Pa. The N, gas flow
was varied from 0 to 5 sccm to allow the deposition of a series of coatings with varying
nitrogen content. Besides the MoSe; target, a Cr target was also utilized for the deposition
of the Cr interlayer and Cr-MoSeN gradient layer. The total deposition time for interlayer
and gradient layers was 15 min each while the final coating deposition time was varied to
achieve coatings of approx. 2 um thickness. Mirror-polished DIN 100Cr6 (AISI-52100) steel
(0 25 x 7 mm) samples having roughness (Ra) less than 0.02 um and ~9.8 GPa hardness
were used as substrates. The substrates were ultrasonically cleaned using ethanol for
15 min before deposition. A set of four coatings, alloyed with 0-35 at. % N, were deposited
and stored for 40 months. The results of tests performed soon after coating deposition (i.e.,
before storage) are reported in ref. [38].

Post-storage sliding tests were carried out using a reciprocating sliding tribometer
(UMT-2, Bruker, Billerica, MA, USA) for 1200 s under ambient conditions (RH = ~30-35%)
against a 6 mm 100Cr6 ball. The stroke length and sliding frequency were fixed to 5 mm
and 10 Hz, respectively. The tests were performed at an average sliding speed of 0.1 m/s
during the stroke and an applied normal load of 3.5 N, corresponding to an initial Hertzian
contact pressure of 1 GPa. These parameters were chosen to replicate the sliding conditions
used in the previous study conducted 40 months earlier [38]. The tests were repeated three
times, and the COF shown was systematically calculated based on the evolutions. This
means that initially, the results from three repetitions were obtained. Then, the steady
state regions of the COF evolution of each repetition were selected to calculate the average
COF and standard deviation of that repetition. Finally, the average steady state COF and
respective standard deviations of all repetitions were used to calculate the final average
COF and deviations (errors). Thus, the bar charts represent these final average values,
and the comparison has been made among the achieved final COF values shown in the
bar chart.

After testing, ball and disk worn regions were examined using a digital optical micro-
scope (Hirox-HRX-01, Kyoto, Japan). For disks, the wear profiles at three different zones of
wear track from each repetition were measured using a white-light interferometer (Bruker
Contour GT-KO, Billerica, MA, USA). These wear profiles were used to calculate the worn
area. The worn area and stroke length were then used to calculate the total wear volume.
Finally, the wear volume, applied load, and sliding distances were used to calculate specific
wear rates in mm?/Nm units. The average values were then calculated and reported in this
work. Likewise, specific wear rates of the steel counterparts were determined by measuring
the worn scar diameters observed under the optical microscope.

The as-deposited coatings and disk wear tracks were also analyzed in Raman spec-
troscopy using a confocal Raman microscope (Horiba Xplora Plus, Kyoto, Japan) for the
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investigation of the sliding-induced structural changes and the possible mechanism behind
the frictional results obtained in this work. The Raman analysis was performed using a
512 nm laser and the acquisition conditions of 1200 grating, 6 repetitions of 15 secs each,
and 90% filter were chosen to avoid damage to the coatings and wear tracks.

3. Results and Discussion
3.1. Fundamental Properties of the Coatings

The fundamental characteristics of the coatings are detailed in ref. [38]. Briefly, the
coatings contained N concentrations ranging from 0 to 35 at.%. This resulted in Se/Mo
ratio ranging from 1.6 to 2.0, which decreased with increasing N content (Figure 1). The
coatings are denominated as mentioned in Figure 1, i.e., NO, N1, N2, and N3 correspond
toOat. % N, 21.8 at. % N, 33.1 at. % N, and 35 at. % N, respectively. The morphology of
coatings transitioned from columnar and porous for pure coating to dense and compact
with N-alloying. In terms of crystal structure, the pure coating (NO) exhibited crystalline
peaks corresponding to the (002) basal planes as well as (100) and (10L) peaks. Whereas,
N incorporation enhanced the amorphousness, and the coatings became nano-crystalline.
The pure coating exhibited a hardness of 1.1 GPa, which increased to about 5 GPa with
N addition (Figure 1). Overall, except for the pure coating, all other MoSeN coatings
exhibited almost similar morphology, crystal structure, and hardness values, regardless of
N content and Se/Mo ratios. These consistent properties, despite compositional variations,
are advantageous for the industrial application of PVD sputtered coatings. This is because
PVD sputtering is a highly line of sight deposition method [43], and, thus, the compositional
variations for depositions on 3D parts is thus very common.

Coating Ncontent Se/Mo Hardness Crystal Structure
(at. %) (GPa)
) 2.0 Crystalline with (002)
NO < 11208 & (10L) peaks
N1 21.8:0.5 1.8 4.6%0.2
Nano-composite with P
33.1x0.4 1.6 |50
Ha 4.7+0.3 broad (10L) peaks L
N3 35.0+0.6 1.6 5.1+0.3

Figure 1. Overview of fundamental characteristics of MoSeN coatings—composition, crystal structure,
and SEM morphology micrographs (N2 micrograph is shown as representative of all MoSeN coatings).

3.2. Tribological Results

The average COF results after 40 months of storage are shown in Figure 2a. For all
coatings, initially, the COF decreased and then increased in the running-in phase to finally
reach the steady-state sliding zone. The pure NO coating exhibited an average steady-state
COF value of 0.081. With N-alloying, the N1 coating showed a steady state average COF of
0.062. Similarly, the N2 coating’s average steady-state COF was 0.061. For N3 coating, the
COF never reached a stable steady state zone, and it continued to vary. For example, in one
of the repetitions, the minimum COF was around 0.055 (at 130 s), and then it continued
to increase till the end of the test. Thus, for this coating, the average was calculated
from the point of minimum COF till the end of the test. So, the average COF calculated
was 0.076. The COF evolution comparison in pre- and post-storage tests is shown in
Figure 2c and Figure 2d, respectively.
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Figure 2. Tribological performance of MoSeN coatings, (a) post-storage average friction coefficients,
(b) post-storage average specific wear rates, (c) pre-storage friction coefficients evolution, (d) post-
storage friction coefficients evolution, (e) maximum wear-tracks width and depth from post-storage
results, and (f) optical images of wear tracks from post-storage results.

Thus, from the obtained results, it was observed that for N-alloyed coatings, the N3
coating displayed slightly unstable/fluctuating COF and slightly increased value. Overall,
all coatings exhibited a minor increase in the COF in comparison to the results obtained
immediately after deposition (40 months ago). It should be noted that this minor increase
can be attributed to the build-up of a small oxidation layer on the very small vicinity
of the coating surface during this long-storage duration. It is very common that the
atmospheric oxygen may interact with the surface of materials during their storage in a
normal atmosphere. However, this interaction has not shown a significant impact on the
COF of the coatings even after 40 months, which seems impressive.

The specific wear rates of the coated disks are shown in Figure 2b. The NO coating
exhibited the highest specific wear rate of 8.67 x 1077 mm3/Nm. The wear rate de-
creased to 5.36 x 1077 mm?/Nm for N1 coating. With further increments in the N content,
the specific wear rates further decreased to 5.13 x 10~7 mm®/Nm for N2 coating and
4.76 x 1077 mm?3/Nm for N3 coating. The higher specific wear rate of the N0 coatings
compared to N-alloyed coatings is due to its porous morphology and the low load-bearing
capability of pure sputtered TMD coatings. The porous morphology makes the pure TMD
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coatings more prone to degradation because of environmental attacks, e.g., moisture [44,45].
Basically, in such cases, the O or moisture from the atmosphere can passivate the vacant
dangling bonds and result in increased friction and wear of the coatings. For the N-alloyed
coatings, wear rates quite marginally decreased with increasing N. However, the decrease
as compared to the pure coating is more. This decrease is attributed to compact morphology
and more environmental attack resistance.

Similarly, the slightly higher specific wear rates of the coatings as compared to the pre-
storage conditions may be attributed to the slight oxidation of the outer surface which can
cause the formation of oxides that can create abrasiveness. Moreover, the more profound
aspect is the fact that a different specific wear rate measurement mechanism, i.e., a 3D
white light optical interferometer (in VXI mode), with a greater resolution was used in the
current study, whereas a low-resolution stylus profilometry was utilized in previous work.
In pre-storage measurements, stylus profilometry was employed, which has less sensitivity
as compared to the white light interferometer used in the current study. Nonetheless, the
wear rate still lies in the 1077 range, which is a promising result.

Figure 2e displays that the maximum wear track depths observed for NO, N1, N2,
and N3 coatings were 0.63, 0.58, 0.34, and 0.42 pum, respectively. The optical images of
coating wear tracks are shown in Figure 2f. All tracks showed abrasive wear marks and
displayed features distinct from the as-deposited coatings. As per the previous experience
and reported results, the tracks were covered with adhered materials, most likely MoSe;
tribolayers. The degree of coverage varied across coatings, with coverage decreasing with
increasing nitrogen content. This decrease is directly related to the Se/Mo ratio, with higher
N content reducing the availability of MoSe; for tribolayer formation and coverage.

Similarly, the 3D surface topography of wear tracks along-with 2D profiles are pre-
sented in Figure 3. Agreeing with the specific wear rate results, the pure reference coating
displayed the highest wear and this decreased with the introduction of N in the coatings. It
is clear that the sliding was always taking place in the outer coating, and it never reached
the interlayer, even for the highest wear track depth zone. Moreover, the 3D topography
and 2D profilometer results are in accordance with the optical images displayed in Figure 2f.
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Figure 3. Three-dimensional surface topography and 2D profiles of wear tracks, (a) NO coating,
(b) N1 coating, (c) N2 coating and, (d) N3 coating.
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The specific wear rates and wear scars of the steel counterparts are shown in
Figure 4a,b. The NO coating steel counterpart showed no wear and was covered by a
thick layer of adhered material, which correlates with the high disk wear rate. Basically,
the NO coating was softer and, due to the high wear of the soft coating, enough material
was transferred to protect the counterpart. Specific wear rate for the N1 coating counter-
part was 2.48 x 1078 mm3/Nm, which minorly increased to 2.72 x 1078 mm3/Nm for
the N2 coating counterpart while it then decreased to 2.14 x 1078 mm3/Nm for the N3
coating counterpart.
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Figure 4. Sliding results—(a) specific wear rates of counter bodies (balls) and (b) optical images of
ball wear scars.

3.3. Raman Spectroscopy Analysis of Wear Tracks

The Raman spectroscopy analysis of the wear tracks was performed to investigate the
reasons behind the low friction of the coatings as well as the role of TMD phase during
sliding. The analysis was performed on the as-deposited surfaces and in the middle of
the wear tracks. The results for the as-deposited coatings and wear tracks are shown in
Figure 5a and Figure 5b, respectively. From the as-deposited coatings zone results, it is
clear that the pure NO coating displayed well defined crystalline peaks of MoSe, while the
N-alloyed as-deposited coatings did not exhibit well-defined peaks. These observations
are consistent with the crystal structure results (see Figure 1). However, the analysis
performed inside the wear tracks revealed distinct crystalline MoSe; peaks in all coatings.
This increase in crystallinity after sliding indicates tribo-induced crystallization as well as
chemical changes in the contact zone. This crystallization results in the formation of an
easy shear tribolayer of MoSe;, driven by reorientation and transfer layer mechanisms, as
observed in MoSeC coatings [46]. Thus, in agreement with refs. [46,47], the formation of
MoSe; tribolayers is the key to low friction in the present case. These Raman spectroscopy
results thus confirm the hypothesis mentioned above in the optical image results that the
tracks features are different than the as-deposited coatings and the tracks are covered with
an adhered material (transfer film).

In summary; it is clear that the 40 months ambient air storage had no significant impact
on the performance or shelf-life of the coatings. All coatings except NO exhibited similar
friction and wear behavior with very minor increase in comparison to the results obtained
immediately after deposition (40 months ago). These coatings remained in an ambient
atmosphere with seasonal variations in humidity and minor temperature fluctuations in
winters and summers. Thus, the results depict a minor difference in ~0.01 in COF and
within 1077 mm?/Nm range wear rates. Moreover, the slight differences in specific wear
rates can be attributed to the use of a white-light interferometer in this study, offering
higher resolution than the stylus profilometer used in the pre-storage tests. Therefore,
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these coatings are quite stable and suitable for industrial applications requiring long-
term storage. Furthermore, it is noteworthy that the consistent sliding performance of
N-alloyed coatings, regardless of compositional variations, further reinforces the previous
findings. The ability to maintain a similar COF across different compositions is a significant
achievement, addressing the drawbacks of PVD sputtering and making MoSeN coatings
particularly favorable for industries relying on PVD sputtering technology.

(@) N (b) NO

WW : B

Intensity (a.u.)
Intensity (a.u.)

100 200 300 400 500 600 700 800 900 1000 100 200 300 400 500 600 700 800 900 1000
Raman shift (cm™) Raman shift (cm™)

Figure 5. Raman spectra acquired on the coated disks. (a) As-deposited coating zone, and (b) inside
the wear tracks (MoSe, peaks region = 150-350 cm ).

4. Conclusions

This research investigates the sliding characteristics of MoSeN coatings after a long-term
storage of 40 months. The MoSeN coatings with N content ranging from 0 to 35 at. % were
deposited using reactive DC magnetron sputtering. The sliding tests performed after
40 months of storage showed results very similar to pre-storage tests and only minor
variations were observed. The pure NO coating displayed a COF of 0.081 and a wear
rate of 8.67 x 107 mm3/Nm, while all MoSeN coatings displayed COF values between
0.061 and 0.076, with wear rates ranging from 4.76 to 5.35 x 1077 mm3/Nm. Two-
dimensional profiles and 3D topography results demonstrated that the coating did not
delaminate, and the sliding occurred within the outer coating. Similarly, Raman spec-
troscopy analysis of virgin coating and wear tracks concluded that crystallized MoSe;
signals were detected only inside the wear tracks and not from virgin MoSeN coating
surfaces. This proved that the low friction characteristics are governed by MoSe; tribolay-
ers. These findings demonstrate that globally, the coatings” performance is unaffected by
long-term storage, making them suitable for industries requiring extended storage periods
before implementation.
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Abstract: The TiB, film exhibits exceptional hardness and chemical stability due to its
unique crystal structure and robust covalent bonds, but it also demonstrates high brit-
tleness and poor toughness, which restricts its practical applications in engineering. By
appropriately incorporating metal dopants, the toughness of the ceramic matrix can be
enhanced without compromising its inherent hardness. In this study, TiB, films with
different nickel contents (0-32.22 at.%) were fabricated through radio frequency magnetron
sputtering. The microstructure, chemical composition, phase structure, and mechanical
properties were analyzed using scanning electron microscopy, transmission electron mi-
croscopy, X-ray diffraction, X-ray photoelectron spectroscopy and nanoindentation tester.
The pure TiB, film exhibited (0001) and (0002) peaks; however, the addition of nickel
resulted in broadening of the (0001) peak and disappearance of the (0002) peak, and no crys-
talline nickel or other nickel-containing phases could be identified. It was found that the
incorporation of nickel refines the grain structure of titanium diboride, with nickel present
in an amorphous form at the boundaries of titanium diboride, thereby forming a wrapped
structure. The enrichment of nickel at the grain boundary becomes more pronounced as the
nickel content is further increased, which hinders the growth of TiB, grains, resulting in the
thinning of columnar crystals and formation of nanocrystalline in the film, and the coating
hardness remains above 20 GPa, when the nickel content is less than 10.83 at.%. With the
increase in nickel content, titanium diboride exhibited a tendency to form an amorphous
structure, while nickel became increasingly enriched at the boundaries, and the coating
hardness and elastic modulus decreased. The wrapped microstructure could absorb the
energy generated by compressive shear stress through plastic deformation, which should
be beneficial to improve the toughness of the coatings. The addition of nickel enhanced
the adhesion between the film and substrate while reducing the friction coefficient of the
film. Specifically, when the nickel content reached 4.26 at.%, a notable enhancement in both
nanohardness and toughness was observed for nanocomposite films.

Keywords: TiB, film; Ni doping; nanocomposite; microstructure; mechanical property

1. Introduction

Due to the unique chemical bond composition of TiB, ceramics, they exhibit excep-
tionally high hardness, melting point, and excellent chemical stability [1,2]. As a result,
new TiBy-based coatings have been extensively developed. Various coating preparation
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technologies exist including laser cladding [3], thermal spraying [4], electrochemical depo-
sition [5], chemical vapor deposition [6], physical vapor deposition [7], and more. Among
these, sputtering technology is commonly used due to its low deposition temperature
requirement and relatively high coating rates [8]. Researchers [9,10] have discovered
that boron-rich TiBy films with x typically ranging from 2.2 to 3.5 can be obtained using
magnetron sputtering. Studies by Christian Mitterer [11] suggested that B atoms in the
sputtered plasma have a smaller collision cross-sectional area and energy transfer coeffi-
cient compared to Ti atoms. This results in the B atoms being less likely to collide with
Ar atoms during the plasma transport process leading to lower power loss after collisions
and increased likelihood of B atoms being deposited on the substrate surface. In addition,
high-power impact magnetron sputtering has been employed to produce highly understoi-
chiometric TiBx with x as low as ~1.4 [12]. Researchers [13] propose that excess Ti leads to
planar stacking fault defects with islands where one or two boron planes are missing in
the films. The disruption of crystalline structures inhibits dislocation propagation affecting
mechanical properties. Moreover, it has been reported by numerous researchers that the
hardness of the TiB, coating is closely related to optimal orientation which can be regulated
by parameters of magnetron sputtering. It is often observed that the high hardness of the
TiB, coating exhibits a strong (0001) preferred orientation [14,15].

However, the main drawback of TiB, coatings is the low toughness, high residual
stress, and low cracking resistance in the deposited films [16,17], making it difficult to
achieve the desired mechanical properties. In addition to optimizing coating properties
by adjusting deposition parameters, two other effective methods for improving the perfor-
mance of hard films are through multilayer structures [18,19] and nanocomposites [20]. The
structural coating with a periodic arrangement is achieved through alternating deposition,
and its properties are influenced by both the multilayer period and the interface between
adjacent layers. Douglas E. Wolfe [21] found that the stress of TiB,/TiC multilayers de-
creases with an increase in the number of layers, thereby enhancing the film toughness.
O.N. Grigor’ev [22] prepared a TiB, coating containing a 3-SiC layer with a porous arch
structure which eliminates crack formation due to its high relaxation capacity. The intricate
influence of interface structure and interlayer in multilayer films can impede dislocation
slip and crack propagation [23], thereby not only contributing to toughening but also
enhancing other properties.

Element doping is an additional effective approach to modify the properties of the film,
thereby exerting influence on its structure and phase composition, consequently impacting
both hardness and toughness. The coexistence of the doped second phase is facilitated
by the narrow phase interval of TiB,. The findings of these studies by adding Cu [24],
Ni [25], Cr [26], C [27], W [28], Al [5], Zr [29] and high-entropy alloy elements [30] to form
a nanocomposite structure demonstrate that the incorporation of dopant elements can
effectively restrict the growth of TiB, grains, leading to a reduction in grain size. The study
conducted by Nedfors et al. [31] revealed that the incorporation of aluminum into the TiB;
coating resulted in an improved ratio of hardness to Young’s modulus, thereby enhancing
its toughness, The presence of the second phase in nanocrystalline or amorphous form
enables effective control over the plastic zone at the crack tip, impeding crack propagation
and enhancing the coating’s toughness. The influence of adding Al, Ni, and Zr on the
crystal structure and elastic constant of TiB; coatings was theoretically analyzed using first
principles by Xian Lijun [32], and the results indicated that when Ti atoms in the lattice
of TiB, are partially replaced by Al, Ni and Zr atoms, the cell volume and the binding
energy of the (Ti;_xMy)B; ternary coatings increases, which leads to a reduction in the
hardness and the improvement of the coating toughness, and the addition of nickel has a
more pronounced impact on the reduction in hardness of the TiB, coating.
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Due to the good wettability of nickel and TiB,, as well as the rapid diffusion rate of
nickel within the hexagonal lattice [33,34], favorable conditions are created for the formation
of TiB,-Ni nanocomposite films. The study of obtaining a film with both toughness and
hardness is worth pursuing. In this study, TiB; films with different nickel concentrations
were deposited using radio frequency magnetron sputtering. The microstructure, chemical
and phase composition, as well as the mechanical properties of Ni-doped TiB, films, were
characterized using X-ray diffraction, X-ray photoelectron spectroscopy, scanning electron
microscopy with energy-dispersive X-ray spectroscopy, transmission electron microscopy,
nanoindentation techniques and Tribology Test Equipment. Subsequently, the effects of
different Ni content on the microstructure, nanohardness, toughness and wear performance
of TiB, coatings were systematically evaluated.

2. Materials and Methods
2.1. Film Deposition

TiB, films with different nickel content were deposited onto single-crystal silicon
substrates (10 mm x 10 mm x 1 mm) and using magnetron sputtering (ANAVA SPC-
350, Anelva, Tokyo, Japan). A twin radio frequency current magnetron setup, equipped
with disk-shaped targets made of pure nickel (Ni, ¢ 76 mm) and titanium diboride (TiB,,
¢ 76 mm), was employed for the deposition. After ultrasonic cleaning with acetone for
10 min, the substrate was subjected to constant temperature drying, followed by placement
into the vacuum chamber and subsequent vacuuming to achieve a pressure of 3 x 107! Pa.

Radio frequency magnetron sputtering is particularly suitable for materials with poor
electrical conductivity or insulating properties, such as ceramics and glass. Sputtering
power, argon pressure, substrate rotation speed and substrate temperature are critical
parameters that significantly influence the sputtering process. The sputtering power dic-
tates the energy imparted to the target material, thereby influencing both the quantity and
energy distribution of the sputtered particles. With the increase in power, the deposition
rate increases, and when the power is excessively high, it can lead to the sputtered atoms
arriving at the substrate surface with elevated energy levels. It induces significant internal
stress within the film, thereby reducing the adhesion between the film and the substrate.
Higher pressure typically results in greater plasma density, but it can also increase the
frequency of collisions between sputtered particles, which may compromise the uniformity
and quality of the deposited film. Conversely, lower air pressure facilitates the formation
of high-energy sputtered particles, making it more suitable for applications that demand
highly dense and uniform films. The substrate temperature plays a crucial role in deter-
mining the film structure, grain growth and binding strength. High temperature facilitates
crystal growth and densification of the film, but it may also induce thermal deformation or
damage to the substrate. It can be controlled directly through the substrate heating system
or indirectly by adjusting the sputtering power and chamber pressure.

In this paper, the argon pressure in the vacuum chamber during sputtering was
maintained at 0.5 Pa, while the power on the Ni target was adjusted within the range of 5
to 30 W in order to achieve different Ni contents. The power on the TiB, target remained
constant at 180 W throughout. The substrate rotated at a speed of 20 revolutions per minute
during deposition, and each film was sputtered for a duration of 4 h. The composite
sputtering deposition was achieved through the cyclic rotation of the substrate frame in
front of the target, enabling the adjustment of target power to obtain TiB,-Ni films with
varying amounts of Ni doping.
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2.2. Film Characterization

Phase analyses of the films were conducted using X-ray diffraction with a Bruker D8
ADVANCE diffractometer (Brucker, Karlsruhe, Germany) equipped with a Cu K, lamp
(0.154 nm). The cross-sectional morphology of the films after sputtering was observed
using scanning electron microscopy (ZEISS Sigma300, ZEISS, Oberkochen, Germany)
and transmission electron microscopy (JE-2010ARP, JEOL, Tokyo, Japan) by preparing
cross-sectional lamella manufactured via focused ion beam (FIB). Selected area electron
diffraction patterns, obtained using an ¢ 150 nm aperture, were used for phase analysis.

Additionally, the composition of the films was analyzed using an energy-dispersive
spectrometer (Oxford Xplore30, Oxford Instruments, Oxford, UK). X-ray photoelectron
spectroscopy (XPS) with a Thermo Fisher Scientific K-Alpha instrument (Thermo Fisher
Scientific, Waltham, United States) was utilized for qualitative and quantitative analysis
of the chemical bond state and phase structure of elements in the films. The Al K, source
with the energy of 1486.6 eV was used, and the spot size was 400 um.

The nanoindentation technique was employed to investigate the nanohardness of
TiB, films with different Ni contents, using Paar’s Step300-NTH3 instrument (Anton Paar,
Graz, Austria) equipped with a Berkovich diamond tip. A maximum force of 10 mN was
applied, with loading and unloading rates set at 30 mN/min. The values of hardness (H),
elastic modulus (E), maximum indentation depth (hmax), and indentation depth (hy,) were
analyzed through the load—displacement curve using the Oliver—Pharr method. Param-
eters such as H/E, H3/E2, and normalized plastic depth value (6y) were calculated to
evaluate the mechanical properties of the films, where the normalized plastic depth value
is equivalent to the indentation depth (hp) divided by maximum indentation depth (hmax)-
At least nine measurements were conducted for each load condition.

The fracture toughness of the films was determined using the Vickers indentation
method, with a load of 500 mN applied to the film surface. After unloading, the fracture
toughness can be calculated according to Equation (1) [35] by examining the indentation
morphology and measuring the diagonal crack length of the indentation.

LB
Kic =53 (1) (77) )
where E (GPa) and H (GPa) represent the elastic modulus and hardness of the films,
respectively. P (mN) stands for Vickers indentation load. The empirical coefficient ()
is 0.016 [36], and ¢ (um) denotes the total length from the center to the end of crack as
shown in Figure 1, where a represents half of the diagonal length of the indentation, and 1
represents the average length of cracks. The indentation morphology of films was observed
using a microscope (Leica DCM 3D, Wetzlar, Germany).

The nanoscratch tests were performed on Tribology Test Equipment (CETR UNMT-1,
CETR, Campbell, United States). The diamond tip with the radius of 2.5 pym was set to
generate a series of 2 mm-long wear tracks on film surface at a constant velocity of 12.5
pum/s, with the load increasing linearly from 2 mN to 50 mN. The scratch morphology was
observed using a microscope (Leica DCM 3D, Wetzlar, Germany).

The wear resistance tests were performed on Tribology Test Equipment (CETR UNMT-
1, CETR, Campbell, CA, USA). At room temperature, a reciprocating wear test was con-
ducted using an Al,O3 grinding ball with a diameter of 1.5 mm. The applied load was
20 mN, the reciprocating friction distance was 1 cm, and the duration time was 15 min.
The surface friction coefficient was recorded, while the wear tracks were observed using
scanning electron microscopy (5-3400N, Hitachi, Tokyo, Japan).
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Figure 1. Schematic diagram of crack length (c) and half of the diagonal length of the indentation (a).

3. Results and Discussion
3.1. Effect of Ni on the Phase Structure

TiB; films with different nickel contents were deposited using radio frequency mag-
netron sputtering. The film composition obtained using EDS analysis are shown in Table 1.
As the Ni target power increased, the Ni content ranged from 0 to 32.2 at.%. The increase
in power applied to the nickel target leads to the back-sputtering of the lighter B element
from the substrate film, resulting in a relative decrease in the B element within the coating.

Table 1. The element composition of TiB, films with different Ni contents.

At% -
The Power on Ni Target/W - - Ni/Ti
Ni Ti B
0 - 22.20 77.80 -
5 4.26 22.23 73.51 0.19
10 10.83 25.23 63.94 0.43
20 23.45 22.75 53.80 1.03
30 32.22 19.53 48.25 1.65

In Figure 2, the X-ray diffraction patterns of TiB, films with different Ni contents are
presented. The findings indicate that all films were polycrystalline, with peaks correspond-
ing exclusively to the hexagonal TiB, phase (PDF#35-0741), and no crystalline Ni or other
Ni-containing phases were identified. In comparison to the standard card of hexagonal
TiB,, diffraction peaks of (0001) and (0002) were observed. It was noted that when nickel
was incorporated into the films, the diffraction peak of (0002) disappeared. The growth
of the film is influenced by surface energy, elastic strain energy, and interfacial energy.
When the dominant factor is surface energy, the film preferentially grows along crystal
faces with lower surface energy, and the (0001) crystal face exhibits the lowest surface
energy for TiB; film. The incorporation of nickel (4.26-23.45 at.%) did not influence the
favored alignment of the TiB; coating, but there was a gradual decrease in intensity and
broadening of the (0001) diffraction peaks of TiB, phase. When the nickel content increased
to 32.22%, the diffraction pattern became nearly linear, indicating that the addition of
Ni impeded the growth of TiB, grains and resulted in a reduction in their size and an
amorphous tendency. The results indicate that the presence of nickel hinders the nucleation
and growth of TiB, grains, and this hindrance becomes more pronounced as the nickel
content increases. The faster diffusion rate of nickel atoms in the hexagonal lattice may
account for this phenomenon. As the nickel content increases, an increasing number of
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nickel atoms are enriched in the grain boundary, which hinders the growth of grain. No
crystalline Ni or other Ni-containing phase could be identified, indicating that nickel was
present in an amorphous phase. Overall, these results provide valuable insights regarding
how varying levels of nickel content can impact structural characteristics within TiB, films.

TiB,(0001)

TiB,(0002)

%bstrate
|
M 4.26 at.%

10.83 at.%
-~ .

Intensity(a.u.)

2345at%

32.22 at.%

| I TiB,-PDF#35-0741 I

30 40 50 60

20(degree)
Figure 2. X-ray diffraction patterns of TiB, films with different Ni contents.

The deposited TiB; coating was subjected to X-ray photoelectron spectroscopy analysis
in order to determine the chemical elements present and their respective bonding states.
Firstly, the surfaces of spectral lines of B 1s, Ni 2p and Ti 2p were analyzed, and the results
of the TiB,-Ni (4.26 at.%) film are presented in Figure 3. The spectra were calibrated for
the value of carbon peak C 1 s at 284.8 eV, which was used as a reference. In Figure 3a,
the B-Ti bond was observed at 187.85 eV, corresponding to the presence of TiB,. Figure 3b
depicts the Ni 2p spectrum of the TiB,-Ni film, and the Ni-Ni bond was identified at the
binding energies of 869.84 eV and 852.67 eV. The Ti 2p region is considerably more complex
due to the spin-orbit splitting and higher electron yield of titanium, which results in a
higher background step and more prominent plasmon peaks [37]. As given in Figure 3c,
it can be seen that the Ti-B bond can be fitted at 454.51 eV and 460.67 eV by dividing the
peaks of Ti2p, 3 and Ti2p; s», which correspond to TiB;. In the meantime, the Ti-Ni peak
cannot be fitted from Ti2p spectra, and no peak for B-Ni bonding could be fitted from the B
1s spectrum.

Additionally, the B-O bond peak was detected at the position of 192.48 eV in the B
1S map (Figure 3a), and the Ti-O bond peak was also detected in the Ti-2p map, which
indicates that element boron and titanium samples are usually oxidized at the surface. To
avoid the impact of surface contaminants on the results, the sample surface was etched
using Ar+ for 120 s, and Figure 4 shows the XPS spectra of TiB,-Ni films with different
nickel content. As shown in Figure 4a, the B-O bond peak was not detected again; moreover,
the oxygen-containing bond in the coatings was significantly weakened. It also can be seen
that the valence state of elements in the coatings does not change significantly with the
addition of nickel content.
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Figure 3. XPS spectra of B, Ni Ti, obtained from the surface of TiB; film with 4.26 at.% Ni (a) -B 1s; (b)
-Ni 2p; (c) -Ti 2p.
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Figure 4. XPS spectra of TiB,-Ni films with different nickel content after etching 120 s (a) -B 1s; (b) -Ni
2p; (c) -Ti 2p.

The findings indicate that there is no chemical bonding between Ni and Ti/B atoms
within the film, which demonstrates that the main chemical form of the Ni is the metallic
state. And the presence of Ti-O and B-O in XPS results may be related to the residual oxygen
in the vacuum chamber, since no oxide phases of Ti and B were found in XRD spectra.

Figure 5 depicts a cross-sectional SEM micrograph of a TiB, film with varying Ni
contents. It is evident from Figure 5 that there is an absence of any voids or gaps between
the film and substrate, which indicates a good adhesion between the coating and substrate.
The columnar crystals exhibit a typical growth structure when the nickel content is 4.26%,
as shown in Figure 5a. With the increase in nickel content, the columnar crystals within
the coating are gradually eliminated, the fine grains undergo deformation, and the overall
columnar structure is progressively refined.

The transmission electron microscopy (TEM) results for TiB, films with nickel content
of 4.26 at.% and 32.22 at.% are presented in Figure 6. The bright-field cross-sectional
images of the films are shown in Figure 6a,d, revealing a predominant presence of small
columnar grains in the film microstructure. At a nickel content of 4.26 at.%, the selected area
diffraction pattern (Figure 6b) exhibits a polycrystalline diffraction ring, and the reflection
peaks such as (0001) are observed without any evidence of crystalline Ni phase, suggesting
the existence of a small amount of TiB; nanocrystals and amorphous nickel within the
film structure. With an increase in nickel content to 32.22 at.%, there is an observable

34

450



Nanomaterials 2025, 15, 229

broadening of the electron diffraction ring (Figure 6e), indicating that the composite film is
predominantly amorphous. The combination of the local high-resolution image (Figure 6c,f)
reveals a homogeneous structure in the film, wherein the addition of nickel hinders the
growth of TiB; grains, resulting in a tendency towards amorphousness. The microstructure
of TiB,-Ni films was significantly influenced by the Ni content. Increasing the Ni content
led to grain refinement and a more compact and denser film structure. It should be noted
that no crystalline Ni phase was observed in any of the films, regardless of their Ni contents.

424.3nm

442.1nm

480.1nm 580.6nm

200nm

Figure 5. Cross-sectional SEM micrographs of TiB, film with different Ni contents: (a) 4.26 at.%;
(b) 10.83 at.%; (c) 23.45 at.%; (d) 32.22 at.%.

TiB, -Ni(4.26 at.%) film

200nm 5 1/nm
e —

TiB, -Ni(32.22 at.%) film

Substrate

Figure 6. TEM results for TiB, films with different Ni contents: (a) bright-field cross-sectional image
(4.26 at.%); (b) SAED pattern from the area marked as circle in (a); (c) HRTEM image; (d) bright-field
cross-sectional image (32.22 at.%); (e) SAED pattern from the area marked as circle in (d); (f) HRTEM image.
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Figure 7 presents the high-angle annual dark-field (HAADF) image of TiB,-Ni (4.26
and 32.22 at.%), along with the element mapping scans for B, Ti and Ni. As depicted in
Figure 7b—d, the distribution of nickel in the TiB, coating is uniform with a nickel content
of 4.26 at.% (Figure 7a). When the nickel content increased to 32.22 at.% (Figure 7d), the
distribution of B element became limited. With the increase in the nickel target power, the
more B atoms on the surface of the substrate are sputtered, resulting in a decrease in element
B, and the amorphous-phase Ni atoms can be randomly dispersed within the coatings.

Figure 7. HAADF images and the corresponding EDX map scan of B, Ti and Ni elements of TiB,-Ni

films. (a) Image of TiB, with 4.26 at.% Ni film; (b) map scan of B; (c) map scan of Ti; (d) map scan of
Ni; (e) Image of TiB, with 32.22 at.% Ni film; (f) map scan of B; (g) map scan of Ti; (h) map scan of Ni.

The TEM observations combined with the XPS results and XRD results verified that
the Ni atoms existed in films mainly as an amorphous phase. To further investigate
the relationship between nickel and titanium diboride in the coatings, the surface of the
composite coating was characterized using transmission electron microscopy. Figure 8
shows the plan-view TEM micrographs of TiB, with 10.83 at.% Ni coating. It can be
seen from the figure that the coating has a two-phase structure with white bright bands
surrounding dark particles (Figure 8a). Further analysis (Figure 8b) reveals that the dark
particles are TiB, nanocrystals with a grain size ranging from 3 to 5 nm, and nickel is
present as an amorphous phase at the boundaries of the TiB,. The addition of nickel exists
as a single phase, contributing to the development of a two-phase composite structure. The
diffusion rate of nickel in the hexagonal lattice is significantly higher [33], facilitating its
migration to the grain boundary of TiB,, thereby effectively impeding the grain growth
of TiBy.
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Figure 8. Plan-view TEM micrograph of TiB, with 10.83 at.% Ni coating. (a) low-magnification;

(b) high-magnification.

3.2. Effect of Ni on Mechanical Properties

Figure 9 illustrates the load—indentation-depth curves of TiB; films with varying Ni
contents. The loading and unloading curves of the films exhibit nonlinearity. Under the
same load, the maximum indentation depth and the residual indentation depth gradually
increase with the increase in nickel content. As shown in Figure 10, the results indicate
that there is an initial increase followed by a subsequent decrease in nanohardness. The
nanohardness of the TiB, film is determined to be 31 & 2.2 GPa. With the addition of nickel
of 4.26 at.%, the nanohardness of the composite film reaches 34.8 £ 1.2 GPa. However, as
the nickel content further increases to 32.22 at.%, a continuous decrease in nanohardness to
17.89 + 1.8 GPa is observed for the composite film. As depicted in Figure 10, the curve of
elastic modulus exhibits a similar trend to that of nanohardness. Specifically, the elastic
modulus measures 271 4 15 GPa, at a Ni content of 4.26 at.%. As the nickel content further
increases, the elastic modulus of the film gradually decreases, reaching 230 4+ 9 GPa at a
nickel content of 32.22 at.%.

When the nickel content is below 10.83 at.%, the coating hardness remains at or above
20 GPa. On one hand, the optimal growth of TiB, (0001) crystal surface helps improve the
film hardness [34]. On the other hand, it may be attributed to the grain refinement effect
of TiB; and the inhibition of grain boundary sliding by the nickel amorphous phase [38].
The theoretical analysis in reference [32] also indicates that when the nickel content is
below 13 at.%, the hardness of the coating exhibits a slight decrease; however, it remains
comparable to that of the pure titanium diboride coating.

As the nickel content progressively increases, the hardness of the coatings decreases.
An increase in nickel content results in a notable reduction in boron (B) concentration within
the film, consequently diminishing the number of Ti-B and B-B bonds. The enrichment of
nickel in the boundaries of titanium diboride increased with the increase in nickel element.
Additionally, it is evident from the XRD pattern that the addition of nickel leads to a
reduction in the crystallinity of titanium diboride, consequently altering the hardness of
the coatings. Consequently, an increase in Ni content results in an increased load for the
softer Ni phase to bear, consequently leading to a decrease in hardness for the composite
film as well.
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Figure 9. The indentation curves of TiB, film with different Ni contents.
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Figure 10. The nanohardness and elastic modulus of TiB; film with different Ni contents.

With regard to the elastic behavior, it is not sufficient to describe the film properties
solely based on hardness; instead, the ratio of hardness (H) to elastic modulus (E) should
be considered [39]. The H/E ratio indicates the resistance to cracking, while the H3/E?
ratio reflects the resistance to plastic deformation [40]. Figure 11 illustrates the values of
H/E and H3/E? for TiB, films with varying Ni contents. It can be observed that when the
nickel content is 4.26 at.%, the values of H/E and H3/E? reach their maximum at 0.128 and
0.573 GPa, respectively. When nickel is dissolved into the lattice of titanium diboride, it
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causes lattice distortion, resulting in an increase in the internal stress of the coating and
an increase in the elastic modulus [41]. Previous studies [16,42] have indicated that a high
value of H?/E? along with a high ratio of H/E (>0.1), combined with a dense microstructure,
are favorable for enhancing film toughness. However, when the nickel content exceeds
10.83%, the value of H/E drops below 0.1. Upon increasing nickel content from 10.83 at.%
to 32.22 at.%, both ratios gradually decrease. The two values of H/E and H3/E? reflect key
parameters relating to film resistance against elastoplastic deformation, and demonstrate
positive correlations with fracture toughness as well as wear resistance [43].
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Figure 11. The values of H/E, H3/E2, normalized plastic depth value (3y) of TiB, film with different
Ni contents.

The normalized plastic depth value (1) is also utilized to assess the film’s plasticity,
as illustrated in Figure 11. The plastic deformation capacity [44] serves as an indicator
of toughness to a certain extent, with higher toughness associated with stronger plastic
deformation capacity. It can be observed from Figure 10 that with an increase in Ni content
from 0 at.% to 10.83 at.%, there is a large rise in the normalized plastic depth. As the content
continues to increase, the rate of growth in the normalized plastic depth decelerates. With
an increase in the depth of deformation, there is a corresponding enhancement in plasticity
index, indicating greater plastic deformation ability and improved toughness.

The nanoindentation test has proven to be a powerful technique to evaluate material’s
brittleness or resistance to fracture [45]. The calculated results of fracture toughness of
the films with different nickel contents used by Equation (1) are given in Figure 12. As
illustrated in the figure, when the nickel content increases to 10.83 at.%, the toughness of
the coatings increases faster. The TiB; film exhibits a fracture toughness of 0.69 MPa-m'/2,
and this value increases to 0.91 MPa-m!/2 when the nickel content reaches 10.83 at.%. When
the nickel content increases further, the film toughness slows down, and the value increases
to 1.06 MPa-m!/2 when the nickel content reaches 32.22 at.% in composite films. This is
consistent with the trend of normalized plastic depth.

Figure 13 displays the indentation morphology of the TiB, film with varying Ni
contents (4.26 at.% and 32.22 at.%). It is evident that circular cracks appear around the
indentation, indicating a tendency toward brittle fractures. The formation and propagation
of these circular cracks are primarily attributed to macroscopic plastic deformation, which
leads to crack propagation during continuous loading due to uncoordinated deformation
between the film and substrate. However, as the Ni content increases, the presence and
visibility of circular cracks decrease gradually under identical load conditions, suggesting
an increase in the fracture toughness of films as well. Toughness refers to the film’s
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ability to absorb energy between deformation and fracture [46]. The increase in nickel
content leads to a reduction in circumferential cracks of the coating under the same load,
gradually diminishing until they disappear completely. Simultaneously, based on the three-
dimensional indentation morphology (Figure 12), it is evident that an increase in nickel
content leads to a more homogeneous deformation of the film. When the nickel content
reached 4.26 at.%, annular cracks manifested both around and within the indentation,
accompanied by non-uniform deformation. Under the same load, annular cracks did
not appear inside the indentation, and the film deformation was uniform when the nickel
content increased to 32.22 at.%. This observation suggests an enhancement in the toughness
of the coating with the increase in nickel content. When crack propagation occurs in the
films, the Ni metal phase exhibits excellent plastic deformation ability, effectively absorbing
the energy of crack propagation. This hinders continuous crack propagation and ultimately
improves the toughness of the TiB,-Ni composite film.

1.2}

0 5 10 15 20 25 30 35
Ni content (at.%)

Figure 12. The calculated fracture toughness with different Ni contents.
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Figure 13. Indentation morphology of TiB, film with different Ni contents (a) 4.26 at.%;(b) 32.22 at.%.
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Scratch testing was also used to evaluate the toughness of hard coatings by the
references [25,47]. Figure 14 shows the scratch morphology with different Ni contents. As
shown in the figure, the titanium diboride coating exhibits brittle characteristics. Shortly
after testing, it develops cracks and subsequently spalls, which is indicative of the inherent
brittleness associated with ceramic coatings. The addition of nickel delays the cracking time
of the film. Owing to the accumulation of nickel in the amorphous phase at the boundary
of titanium diboride, the soft metal can effectively absorb the energy associated with plastic
deformation, and the microcracks initiated in TiB, are hindered by the surrounding nickel
phase. The composite structure facilitates the passivation and deflection of cracks [48],
thereby enhancing the toughness and binding force.

Load (mN)
10 20 30 40 50

<

32.22at.%

1.6 1.8 mm

4.26at.%

1.8 mm

Figure 14. The nanoscratch morphology of TiB,-Ni coatings.

Figure 15 illustrates the friction coefficient curve of the TiB,-Ni composite coatings.
For TiB, films, the friction coefficient remained consistently around 0.5. Upon the addition
of nickel, the friction coefficient exhibited significant fluctuations during the initial stage
but subsequently stabilized. Specifically, when the nickel content was 4.26 at.%, the
friction coefficient stabilized at approximately 0.4. As the nickel content increased further,
the friction coefficient demonstrated a gradual upward trend during the later stages of
friction. The wear track morphology is shown in Figure 16. Titanium diboride coatings
exhibit brittle spalling during wear, primarily due to the inherent brittleness of TiB; and
insufficient adhesion between the coating and substrate. In contrast, a composite coating
containing 4.26 at.% Ni demonstrated superior performance, exhibiting higher hardness,
shallower wear marks, and reduced spalling compared to TiB, coatings. This improvement
was attributed to the formation of a two-phase structure of TiB, particles surrounded by
amorphous nickel. During plastic deformation under external forces, cracks were less
likely to initiate at grain boundaries. The ductile nickel allowed it to absorb some of
the deformation energy, effectively inhibiting crack initiation. Even if cracks did form,
their propagation was hindered by mechanisms such as bypassing or cutting through the
coating, further preventing crack extension. However, when the nickel content increased
to 32.22 at.%, the coating’s wear resistance significantly decreased, with evident plastic
deformation observed in the wear tracks. This degradation in performance was likely due
to the substantial reduction in hardness caused by the higher nickel content.
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Figure 15. The friction coefficient of TiB,-Ni composite coatings.

(a)-TiB, coaing (b)-TiB,-4.26 at.%Ni (¢)-TiB,-32.22 at.%Ni

$3400 25.0kV 11.7mm x500 SE 100um $3400 25.0kV 11.6mm x500 SE

Figure 16. Wear track morphology of TiB,-Ni coatings. (a) TiB, coating, (b)TiB,-4.26 at.% Ni coating,
(c) TiB,-32.22 at.% Ni coating.

4. Conclusions

In this paper, TiB,-Ni films were deposited using radio frequency magnetron sputter-
ing. The study focused on the impact of Ni content on the composition, microstructure,
and mechanical properties of the films. It was observed that as the radio frequency power
of target Ni increased from 5 to 30 W, the nickel content in TiB, films also increased from
4.26 at.% to 32.22 at.%. The increase in Ni content led to grain refinement and a more
compact and denser film structure. Diffraction peaks of (0001) for hexagonal TiB, were
detected. With the addition of nickel content, the transition of titanium diboride to an
amorphous state commenced, and no crystalline Ni or other Ni-containing phase was de-
tected. Nickel existed at the boundary of titanium diboride as an amorphous phase, which
formed a structure of titanium diboride encapsulated by the nickel layer. When the amount
of nickel added is below 10.83 at%, the hardness of the coating can be maintained above
20 GPa. At a nickel content of 4.26 at.%, nanohardness was measured at approximately
34.8 & 1.2 GPa, while elastic modulus was approximately 271 £ 15 GPa with high ratios
of H/E and H3/E2. The enrichment of nickel in the grain boundary hindered the growth
of titanium diboride and was beneficial to the enhancement of coating hardness. When
the nickel content increased further, it became increasingly concentrated at the boundary,
and titanium diboride tended to amorphous, which resulted in a decrease in the hardness
of the film. The fracture toughness increased from 0.69 MPa-m'/2 to 1.06 MPa-m'!/2 when
the nickel content changed from 0 to 32.22 at.% in composite films. The addition of nickel
enhanced the adhesion between the film and substrate while reducing the friction coef-
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ficient of the film. The Ni phase segregated in the boundary was found to prevent crack
propagation through its superior plastic deformation ability, to achieve a toughening effect.
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Abstract: Single-phase multiferroics exhibiting ferroelectricity and ferromagnetism are
considered pivotal for advancing next-generation multistate memories, spintronic devices,
sensors, and logic devices. In this study, the magnetic and electric characteristics of
bismuth ferrite (BiFeO3) ceramics were enhanced through compositional design and grain
engineering. BiFeO3 ceramic was co-substituted by neodymium (Nd) and niobium (Nb),
two non-isovalent elements, via the spark plasma sintering process using phase-pure
powder prepared via sol-gel as the precursor. The symmetry of the sintered Nd-Nb co-
doped samples changed from R3c to Pnma, accompanied by a decrease in the loss tangent,
grain size, and leakage current density. The reduction in the leakage current density of
the co-doped samples was ~three orders of magnitude. Moreover, ferroelectric, dielectric,
and magnetic properties were substantially improved. The remanent polarization and
magnetization values of the optimized Nd-Nb co-doped BiFeO3 sample were 3.12 pC cm 2
and 0.15 emu g~!, respectively. The multiferroic properties were enhanced based on
multiple factors such as structural distortion caused by co-doping, grain size reduction,
suppression of defect charges via donor doping, space-modulated spin structure disruption,
and an increase in magnetic ions. The synergistic approach of composition design and
grain engineering sets a paradigm for the advancement of multiferroic materials.

Keywords: bismuth ferrite; spark plasma sintering; Nd-Nb co-doping; ferroelectric property;
magnetic property

1. Introduction

Compounds with >2 primary ferroic orders (such as ferromagnetism, ferroelasticity,
and ferroelectricity) exhibit multiferroic characteristics. These compounds have been tech-
nologically and economically important over the past two decades, and continue to be now
and will be in the future [1]. The effective magnetoelectric coupling at room temperature
has several applications in data storage systems, adjustable microwave components, sen-
sors, and random-access memory devices [2-4]. Magnetoelectric multiferroic materials
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are of three types: (i) single-phase type I multiferroics with distinct magnetization and
polarization origin, (ii) single-phase type II multiferroics with polarization induced by a
particular magnetic configuration, and (iii) composite materials or heterostructures (piezo-
electric multilayer and artificial ferromagnetic capacitors) with strain-mediated interactions
modulating magnetic properties under an electric field (E) [1].

Bismuth ferrite (BiFeOs, BF) has emerged as the quintessential example of single-phase
type I multiferroic materials at room temperature since 2003 owing to its substantial ferro-
electric polarization and elevated phase transition temperatures (Curie temperature (Tc) of
~825 °C and Néel temperature (Ty) of ~370 °C) [5]. It exhibits a distorted rhombohedral
perovskite structure belonging to the R3c space group with lattice parameter values of
length (2) and angle («) of 3.958 A and 89.30°, respectively [6]. It is characterized by better
ferroelectric properties than lead-free materials such as bismuth titanate (BigTizO12) [7],
with simultaneous antiferromagnetic and ferroelectric characteristics at ambient temper-
ature [6]. BF crystals exhibit ferromagnetism and ferroelectricity owing to the partially
filled 3D orbits of ferric ions (Fe3*) and the stereochemically active lone-pair electrons in
the 6s? orbitals of bismuth ions (Bi®*) [8]. The theoretical ferroelectric polarization value of
BF in the [111] direction is in the range of 90-100 uC cm 2 [9], while the magnetoelectric
effect is prominent with the coupling energy of ~1.25 meV [10]. Although exceptional
electrical properties of BF are predicted theoretically, it is practically challenging owing to
the high leakage current density (J). This is attributed to oxygen vacancy, Bi evaporation,
the formation of the frequent secondary phase, the presence of mixed Fe®* and ferrous
(Fe?*) ions, and weak ferromagnetism, which substantially limit its application in various
sophisticated devices [10]. The central challenge for BiFeOs-based multiferroic ceramics
has been to concurrently enhance ferroelectricity and ferromagnetism, thereby improving
the magnetoelectric coupling.

Chemical substitution at the A-, B-, or A /B-sites of BF is an effective method to increase
its ferroelectric properties by reducing leakage current [1-4,11]. Lakshmi et al. [12] reported
a substantial reduction in the leakage current of BF ceramics doped with niobium (Nb) of
high valency. The doping of Nb could alter the Fe-O-Fe bond angle, potentially disrupting
the spin cycloid structure. Abe et al. [13] examined the effects of cation substitution with
different valences in BiFeO3 ceramics and observed a marked reduction in leakage current
by substituting BF with 10% titanium ion (Ti**), which was attributed to a decrease in
oxygen vacancies. Yamamoto et al. [14] identified a transition from a cycloidal spin struc-
ture to a collinear spin structure of BF polycrystalline ceramics substituted by cobalt (Co),
which induced spontaneous magnetization at room temperature owing to the spin-canting
phenomenon occurring in collinear structures. The doping of A-sites with rare-earth ions
is a beneficial strategy. Studies indicated that the crystal structure was stabilized via the
partial replacement of the Bi** ions of BF with rare-earth ions by enhancing ionic bond
strength, which suppressed secondary phases and oxygen vacancies primarily formed
by the evaporation of Bi. Moreover, magnetocrystalline anisotropy increased, which was
responsible for the energetically unfavorable spin cycloid structure [15-20]. Recently, the
symmetry modulation of R3c to Pna2; and eventually to Pbnm with the increasing substi-
tution of lanthanum (La)- [19], neodymium (Nd)- [16], samarium (Sm)- [20], gadolinium
(Gd)- [18], and La/lutetium (Lu) [17] was developed as an effective method to improve the
multiferroic characteristics of BF ceramics. The emergence of the Pna2; polar phase under
chemical pressure is a determining factor in this process. Quan et al. [15] reported the
improved magnetic properties of Big gCe2FeO3, which were attributed to the high canting
angle and repressed cycloidal spin structure of the cerium (Ce)-doped sample. Nonzero
magnetization was observed in La-substituted BF [21], a phenomenon owing to the chemi-
cal compression-induced rotation of iron oxide (FeOg) octahedra. In the FeOg octahedra,
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each Fe®* is surrounded by six O?~ and the two nearest neighboring Fe3* are connected
by an O, where the Fe-3d energy level and O-2p energy level hybridizing contributes to
double-exchange interaction. The Fe-O-Fe bond angle changed with the doping La element,
which was helpful for the exchange interaction by enhancing the overlap of the Fe 3d-O
2p orbitals. Thus, these modified the symmetry structure and suppressed the spin cycloid.
Thus, the presence of rare-earth ions alters chemical pressure and disrupts the spin cycloid,
progressively enhancing magnetic properties.

Hence, it was anticipated that co-doping the Fe and Bi sites of BF might decrease
J while simultaneously enhancing magnetic and ferroelectric properties. Ke et al. [22]
co-doped BF ceramics using Nd and titanium (Ti) to obtain structures with morphotropic
phase boundaries (MPB) using a solid-state sintering method. The synthesized samples
exhibited improved magnetic and ferroelectric properties at the boundaries with the highest
remanent magnetization (M;) and polarization (Pr) values of 0.27 emu g’1 and 29 uC cm 2,
respectively. Gumiel et al. [23] reported that antiferromagnetism could be converted to
weak ferromagnetism via co-doping (Nd-Ti), which also decreased electric conductivity,
increased the electric polarization, and stabilized the converted state. Wang et al. [24] co-
doped BF ceramics with Sm and Nb via spark plasma sintering and the sol-gel process. The
doped samples exhibited reduced | with enhanced magnetic and ferroelectric properties.
Gao et al. [25] reported the synthesis of polar nanoregions by co-doping BF with Sm and
scandium (Sc), which increased the dielectric breakdown field. Nonetheless, reports on the
improved magnetic and ferroelectric properties and the leakage current in BiFeO3 ceramics
co-doped with Nd and high-valence Nb are scarce.

On the other hand, the technique used to fabricate ceramics significantly influences
their macroscopic multiferroic characteristics. Several methods, such as rapid liquid-
phase sintering [26], the sol-gel method [27], electric current activated sintering [28], flash
sintering [29], and microwave sintering [30] were used to prepare single-phase BF. The
spark plasma sintering (SPS) method is considered a more efficient technique than the
aforementioned techniques for synthesizing materials with micro-/nanostructures that
can be modulated. The pulsed electric current and uniaxial stress generated during SPS
facilitate rapid sintering and effective heat transfer, inducing enhanced ceramic compaction
within a short duration [31]. It is characterized by low sintering temperatures and less
holding time, which inhibit Bi volatilization and the valence state change of Fe. SPS was
used to successfully fabricate highly dense BF and BF-based ceramics with a pure phase and
enhanced multiferroic and dielectric properties [24,31,32]. In this context, the synergistic
impact of co-substitution in ferroelectric ceramics can be beneficial for enhancing physical
properties. This inspired us to use SPS to prepare nanocrystalline BiFeO3 ceramics co-doped
with rare-earth Nd3* and high-valence Nb>*.

In this study, inspired by the concept of the grain size and ionic radius effect, the
proposed strategy involves the co-substitution of non-isovalent ions (Nd and Nb) at the
A/B sites via the sol-gel method followed by SPS to enhance the ferroelectric and magnetic
characteristics of BF ceramics. The Bij_,Nd,Fey¢5Nbg 0503 (x = 0, 0.05, 0.10, 0.15, and
0.20) ceramic samples were sintered using phase-pure sol-gel-derived precursor powders.
The impact of Nd-Nb co-doping on the ferroelectric, structural, dielectric, and magnetic
characteristics of the synthesized samples was thoroughly investigated.

2. Experimental Procedure

BF and Bij_,NdyFep95Nbg 0503 (x = 0.05, 0.10, 0.15, and 0.20) nanopowder sam-
ples in a pure phase were synthesized using the sol-gel method, as documented in our
earlier studies [33,34]. These as-synthesized powder samples were loaded into a 10 mm-
diameter graphite mode and sintered via SPS. SPS was performed following the reported
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procedure [24,35]. The pellet was sintered at 700 °C, with a heating and cooling rate of
100 °C/min. The temperature was held there for 5 min under a vacuum of 1072 Pa. A
uniaxial and stable stress of 50 MPa was maintained both in the heating and soaking
processes. The Bij_,NdyFep95Nbg 9503 samples with x values of 0.05, 0.10, 0.15, and 0.20
were denoted as 5NdNb, 10NdNb, 15NdNb, and 20NdND, respectively.

The phase composition of the sintered ceramic samples via SPS was examined via X-ray
diffraction (XRD). The microstructures of the fractured surfaces of the ceramic samples were
analyzed using a field emission—-scanning electron microscope (FE-SEM, model Hitachi
S-4700). The samples were ground to obtain 1 mm thickness, coated with silver electrodes,
and subsequently annealed for 2 h at 120 °C to analyze the dielectric properties using a
computerized impedance analyzer (PSM1735, Newton 4th Ltd., UK). Polarization versus
electric field (P-E) and ] were measured using a ferroelectric testing system (Premier-1I by
Radiant Technologies, Inc.). Magnetic properties were analyzed using a physical property
measurement system (PPMS, DynaCool-9T, by QUANTUM DESIGN). All experimental
data were recorded at ambient temperature.

3. Results and Discussion

Figure 1a presents the XRD patterns of pristine and Nd-Nb co-substituted BiFeO3
ceramic samples. Phase-pure BF ceramics were effectively synthesized via SPS in conjunc-
tion with the powder samples obtained via the sol-gel method [24]. The diffraction peaks
of (104), (110), and (113) were indexed to a characteristic perovskite structure distorted
rhombohedrally with the R3c space group [24]. Impure peaks in the doped ceramics were
absent, and the sharpness of the diffraction peaks indicates high crystallinity. No additional
peaks were observed for ceramics up to a co-doped level of 0.10, suggesting R3c as the
primary phase structure. The multiple peaks at 26 of ~32°, 40°, 52°, and 57° merged to form
a broad peak, indicating the successful doping of Nd and Nb in BF [36]. The magnified
patterns at 20 of ~32° presented in Figure 1b show the overlapping of the split peaks (104)
and (110). Moreover, the peaks shifted to high diffraction angles, indicating a reduction
in the unit cell size and lattice constant owing to the smaller ionic radius of Nd>* than
that of Bi®* and the similar ionic radii of Nb®* and Fe3* (Nb5+ =0.64 A, Nd3 =0.983 A,
Fe3* = 0.645 A, and Bi®* = 1.173 A) [34,37]. This observation further confirms the successful
integration of Nb and Nd within BE. A few peaks of 15NdNb and 20NdND re-split to form
new peaks, particularly for 20NdNb, suggesting the presence of a mixture of orthorhombic
Pnma and rhombohedral R3c phases, conforming to the reported results [37]. Therefore, it
can be inferred that Bi and Fe substituted by Nd and Nb, respectively, substantially altered
the crystal structure and lattice parameters of BE.
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Figure 1. (a) XRD patterns of undoped and Nd-Nb co-doped BiFeO3 ceramics; (b) magnified patterns
around 20 ~32°; (c) Rietveld refinement XRD patterns of 10NdNb samples.
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The quantitative correlation between structural transition and doping concentration
was elucidated via Rietveld refinement using the General Structure Analysis System (GSAS)
program coupled with the graphical user interface (EXPGUI). Figure 1c presents the Ri-
etveld refinement of the XRD patterns of 10NdNDb. The refined lattice parameters, phase
constitution, and R-factors of the samples are listed in Table 1. The minimal discrepancy
between the observed and calculated data, along with GOF (goodness of fit, Rwp/Rexp)
values ranging from 1.3 to 1.6, confirms the success of the refinement process. The deter-
mined a and ¢ of the pristine BF ceramics were 5.571 and 13.872 A, respectively, which
align with the R3c space group (JCPDS No. 86-1518) [24]. The refinement considered two
phases for Nd-Nb co-doped BF, such as R3¢ + Pbnm, R3¢ + Pbam, or R3¢ + Pnma. The R3c
+ Pnma model yielded the most accurate fit. The R3c fraction decreased from 97.45% to
75.12% upon Nd-Nb co-doping. Lattice parameters a and c exhibited a steady increase and
decrease, respectively, which can be ascribed to the different ionic radii of Fe, Bi, Nd, and
Nb and the change in bonding angle. This explains the observed shift in diffraction peaks
to large angles in Figure 1b (for samples: BFO, 5NdNb, 10NdNb, and 15NdND).

Table 1. Phase constitution, lattice parameters, and R-factors estimated by Rietveld refinement for
undoped and Nd-Nb co-doped samples.

Phase Constitution

Samples Space Group (%) Lattice Parameters (A) R-Factors
a=5571 Rexp = 7.36 Ryp = 11.34
BFO R3c 100 c=13.872 GOF = 1.54
R3¢ 97.45 1=5578c=13.821 Rexp = 6.57 Ryp = 8.67
5NdNb _— 5 55 4=5623b="7946 GOF = 1.32
. ¢ =5.858
R3¢ 90.29 1=5587 c=13.796 Rexp = 5.82 Ryyp = 7.68
10NdNb i 071 1=5572b=7.874 GOF = 1.32
. ¢ =5.869
R3¢ 85.46 1=5592c=13.774 Rexp = 613 Ryyp = 8.65
15NdNb i Li5a 1=5569b=7.866 GOF = 1.41
: ¢ =5.883
R3c 75.12 a=>5597 c=13.721 Rexp = 5.59 Ryp =7.95
20NdNb 1=5546 b = 7.810 GOF = 1.42
Pnma 24.88
c=5912

To examine the surface morphology and grain size variations in the ceramics, SEM was
utilized. Figure 2 illustrates the distinct grain structure of Nd-Nb co-doped BF samples.
Analytical software (Nano Measurer 1.2, Department of Chemistry, Fudan University,
Fudan, China) was employed to calculate the grain-size distributions of the as-prepared
ceramics. We reported earlier that undoped BFO comprises large polyhedral grains with
sizes of ~1-3 pm [24]. The obtained average grain size of BFO samples was about 2.16 um
(Figure 2a). A few pores existed at grain boundaries owing to oxygen vacancies and Bi
volatilization [38]. In contrast, the Nd-Nb co-doped samples exhibited flatter boundary
facets with no evident pores and a uniform distribution. The gradual reduction in grain
size with increasing Nd—-Nb co-doping is evident in Figure 2b—e. The grain size diminished
with the increase in the co-doped content, reaching an average size <300 nm of 20NdNb,
indicating that Nd-Nb co-doping effectively inhibits grain growth. It is known that the
presence of vacancies in oxide materials is beneficial for ion transport during sintering
and thus generates larger grains for ceramic. The marked decrease in grain size can be
attributed to the low diffusivity of Nd*>* and the suppression of Bi volatilization and oxygen
vacancy formation because of Nd-Nb co-doping [39]. Figure 2g/h illustrates the surface
scan results, showing even distribution of elements within the scanned area without non-
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uniform aggregation or segregation. Generally, the microstructure significantly impacts
the macroscopic properties, as documented in studies on ferroelectric oxides [1,2,40]. The
influence of grain size on magnetic properties in BiFeO3 ceramics has been noted in single-
phase BiFeOs3 [41]. Consequently, with the pronounced changes in surface morphology
induced by Nd-Nb co-doping, the multiferroic characteristics and electronic structure
of Nd-Nb co-doped BF differ from those of the pristine BF, which is discussed in the
subsequent section.

Figure 2. SEM micrographs of the fresh fracture surfaces for (a) BFO, (b) 5NdNb, (c) 1T0NdND,
(d) 15NdND, (e) 20NdNDb, and (f) EDS; (g) Nd element mapping; and (h) Nb element mapping for
15NdND samples (inset: the average grain size).

Figure 3 depicts the change in dielectric behavior (dielectric constant and dielectric
loss) of pristine BF and Nd-Nb co-doped BF with temperature at 1 MHz frequency. The
dielectric constant was independent of temperature below 200 °C, signifying the stability
of the ferroelectric order. This stability is attributed to the high ferroelectric T¢ and the
unique micro- and electronic structures of BF [42]. The effect of lattice vibrations on
electron movement diminished at high frequencies, leading to a less pronounced variation
in dielectric properties with temperature at these frequencies. The dielectric constant
increased gradually with a further increase in temperature owing to thermally activated
ionic conductivity caused by an increase in defects, such as oxygen vacancies, under
higher temperatures [16,19]. The loss tangent of BF increased with increasing temperature,
whereas the same for Nd-Nb co-doped BF remained relatively stable below 200 °C. The
dielectric constant of Nd-Nb co-doped BF increased, while the loss tangent exhibited
an opposite trend to those of BF, suggesting that the dielectric characteristics of Nd-NDb
co-doped BF were altered. The dielectric constants of BE, 5SNdNb, 10NdNb, 15NdNb, and
20NdNDb at room temperature were 143, 176, 187, 211, and 132, respectively. The SEM
images of Nd-Nb co-doped BF indicate that the grain sizes of Nd-Nb co-doped samples
were reduced, which increased the grain boundary. Additionally, Nd-Nb co-doping could
induce phase transition and hinder Bi volatilization. Thus, resistivity was increased and
the oxygen vacancy concentration was decreased [26]. Consequently, the dielectric constant
was enhanced, while the loss tangent was reduced. Although the loss tangent remained
slightly high, the incorporation of other ABO3 materials and manganese oxide (MnO;),
or by subjecting the samples to annealing under various atmospheric conditions, could
potentially have reduced the dielectric loss [43].
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Figure 3. Temperature dependences of (a) dielectric constant and (b) loss tangent at 1 MHz for
undoped and Nd-Nb co-doped BiFeO3 ceramics.

The ferroelectric properties of the synthesized ceramics were investigated by measur-
ing ferroelectric hysteresis (P-E) loops at room temperature and 10 Hz using a ferroelectric
analyzer [Figure 4a]. The P; and coercivity field (E.) values of the ceramics are presented in
Figure 4b and Table 2. The results were directly compared based on the magnitude, as the
measurements were conducted using consistent parameters. Figure 4a shows no inflation of
polarization loops, although they were not completely saturated, indicating the production
of high-quality ceramics and a marked reduction in the leaky behavior of BFO. BF ceramics
exhibited unsaturated and substantially inflated P-E loop area owing to a high J [31]. Fur-
thermore, it is noteworthy that the ferroelectric polarization was highly dependent on the
Nd-Nb concentration, with a substantial enhancement observed for the 10NdNb ceramics
(see Figure 4a). Notably, E. and P, exhibited nonlinear behavior, as illustrated in Figure 4b.
BF exhibited P; and E. values of ~0.41 uC cm 2 and ~4.45 kV cm ™1, respectively. Nd-Nb
doping substantially improved the shape of P-E loops. The P, changed with the doping
content, exhibiting an optimal value of ~3.12 uC cm~2 for 10NdNb, which is considerably
higher than that of BF (0.41 uC cm~2). Thus, Nd-Nb co-doping is an appropriate strategy
for enhancing the ferroelectric characteristics of BF ceramics. The substitution of Bi and
Fe sites of BF by Nd>* and Nb°* ions, respectively, altered the grain size and structural
characteristics of the crystals, affecting the E. and P; of the materials.
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Figure 4. (a) Room—temperature ferroelectric hysteresis loops (P—E) and (b) ferroelectric parameters
determined at 10 Hz for undoped and Nd-Nb co-doped BiFeOj3 ceramics (P;: remnant polarization
and E.: coercive field).

52



Nanomaterials 2025, 15, 215

Table 2. Ferroelectric and magnetic parameters for undoped and Nd-Nb co-doped BiFeOs ceramics.

Parameter BFO 5NdNb 10NdNb 15NdNb 20NdNb
P; (uC/cm?) 0.41 1.86 3.12 0.51 0.36
Ec (kV/cm) 4.45 11.40 11.10 6.13 6.36
M; (emu/g) 5.67 x 1074 0.070 0.12 0.15 0.14

H¢ (kOe) 0.050 6.17 8.84 9.80 9.05

In the doped samples, some Bi sites were replaced by Nd, and the lone-pair electrons
of Bi** ions (s? electrons) hybridized with the empty p orbitals of Bi** or O>~ ions, form-
ing a localized lobe. This phenomenon induces non-centrosymmetric distortion, thereby
enhancing ferroelectricity. Nd-Nb co-doping is also responsible for changing lattice pa-
rameters. Consequently, the improved ferroelectricity was attributed to the decreased
concentration of oxygen vacancy, and even the decrease in the amount of Fe?*, which
helps to mitigate domain-pinning effects [44]. Additionally, the grain boundaries in the
rhombic-phase ceramics impeded the movement of electric domains and polarization
reversal, thereby enhancing ferroelectric polarization [42]. However, samples doped with
highly concentrated dopants (x > 0.10) increased the Pnma phase. 10NdNDb represents
the optimal sample based on its position at the morphotropic-phase boundary [45]. The
reduced ferroelectricity of 15NdNb might be attributed to several factors: (i) the stereochem-
ically active 6s? lone-pair electrons of Bi** and empty 6p orbits induce the ferroelectricity
of BF, so when the doping content exceeds a certain value, Nd-doped Bi sites decrease
the concentration of lone-pair electrons (s? electrons) and deteriorate the stereochemical
activity of the lone pair owing to the spherically distributed electron density of Nd>* [36];
(ii) the highly centrosymmetric orthorhombic phase fails to exhibit ferroelectricity [31]
and induce polarization easily; or (iii) a high Nd concentration indicates a low ability
of the cations to displace within the crystal lattice, resulting in a low ion displacement
and ferroelectric polarization [44]. Wu et al. [42] investigated Tb-doped BiFeOs (x = 0.05
and 0.1) synthesized via an optimized sol-gel method and reported a maximum P, of
6.9 uC/cm?. Islam et al. [38] prepared Big gBag»Fe9Tag 103 ceramic through a solid-state
reaction, achieving a P, of approximately 0.15 uC/cm?. Zhang et al. [46] reported a Py
of 0.75 nC/cm? for Big 95Dyo.05Feg.95Mng 0503 ceramics prepared by a solid-state reaction.
Hua et al. [47] reported that the P, of Big 9p5Hog 075Feg 95Mng 0503 ceramic was measured
to be 0.0948 uC/cm?. Our values are comparably favorable.

Figure 5a illustrates the | versus E characteristics of the as-sintered ceramics mea-
sured at ambient temperature. The plots exhibit symmetry under negative and positive
biases. The | of BF, 5SNdNb, 10NdNb, 15NdNb, and 20NdNb ceramics at an electric
field of +30 kV ecm ™! were ~1.26 x 107, 3.39 x 1077, 1.78 x 1077, 5.82 x 10°%, and
9.51 x 108 A cm~2, respectively. Thus, Nd-Nb co-doped BF ceramics were remarkably
lower | than BF under identical electric fields. The smallest | of Nd-Nb co-doped BF
was ~three orders of magnitude lower than that of BE, suggesting superior insulating
properties. This improvement can be ascribed to the reduced Bi volatility, charge defects
(oxygen or Bi vacancies), and Fe?* content [2]. The bond enthalpy values of Nb—O and
Nd—O were higher than those of Fe—O and Bi—O, stabilizing the perovskite structure
through the substitution of Bi and Fe by Nd and Nb, respectively, which also diminished Bi
evaporation [39,48]. Moreover, the substitution of Nb®* ions, which had a higher valence,
for Fe3* ions, helped to occupy oxygen vacancies. Consequently, the co-doping of Nd and
Nb effectively diminished the leakage current density in these ceramic samples.
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Figure 5. (a) Leakage current density as a function of electric field (J—E) and (b) leakage mechanism
for undoped and Nd-Nb co-doped BiFeO3 ceramics, determined at room temperature.

Five primary leakage mechanisms of perovskite ferroelectric materials have been
identified: Schottky emission, space—charge limited current (SCLC), Poole-Frenkel emis-
sion, ohmic conduction, and Fowler-Nordheim (FN) tunneling [35]. Specifically, ohmic
conduction and SCLC are the predominant leakage mechanisms of BF-based materials.
Leakage current behavior can be modeled by applying the equation Jsc cxE". The leakage
behavior follows SCLC and ohmic conduction mechanisms when exponent (n) values
are 2 and 1, respectively. The leakage data were reanalyzed by plotting log | against log
E, as depicted in Figure 5b. The value of n of BF was ~2, suggesting that leakage was
predominantly owing to the SCLC mechanism. The slope (n) of Nd-Nb co-doped BF lay
between 1 and 2, indicating combined SCLC and ohmic conduction mechanisms. Thus,
the slope of BF decreased with the introduction of Nd-Nb, which implies a reduction in
mobile charge carriers due to enhanced structural stability [44].

Figure 6 displays the magnetic hysteresis loops of the prepared ceramic samples at
ambient temperature. The M, and coercivity (H.) data of each sample are presented in
Figure 6b and Table 2. None of the loops reached saturation under the magnetic field of
50 kOe. The magnetic moment of BF was nearly negligible owing to its G-type antiferro-
magnetic character, similar to reported studies [49,50]. BF exhibited a nearly linear loop
with a negligible M, (~5.67 x 10~* emu g '), characteristic of antiferromagnetic materials,
which is in agreement with other findings [49,50]. The loop centers of Nd-Nb co-doped BF
expanded, indicating a shift towards weak ferromagnetism and a substantial increase in M,
suggesting a transition from an antiferromagnetic state to a ferromagnetic state [24]. The M;
values of 5SNdNb, 10NdNb, 15NdNb, and 20NdNb were ~0.07, 0.12, 0.15, and 0.14 emu g_l,
respectively, which are over two orders of magnitude higher than those of BF. This enhance-
ment is attributed to structural distortion. Nd-Nb co-doped BF ceramics induce a structural
transformation with the coexistence of rhombohedral and orthorhombic phases. The equi-
librium between antiparallel spin lattices of Fe>* adjacent to each other is disrupted because
of the partially substituted Bi** and Fe** by Nd3* and Nb°*, respectively, with different
ionic radii and valencies. This symmetry distortion typically disrupts the spatially non-
uniform spin helical structure, altering bond lengths and angles, which in turn increases the
spin tilt angle and results in a net macroscopic magnetization [15]. The symmetry-driven
Dzyaloshinsky—Moriya (DM) interaction mechanism suggests that the tilted antiferromag-
netic spin orders demonstrate enhanced magnetic characteristics [16]. Concurrently, the
unique spin-helix long-range ordered structure in BiFeOj is disrupted, liberating additional
magnetic moments [51], which couples with increased polarization. The high coercivity is
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linked to the magnetic anisotropy induced by co-doping. As documented by Monem and
colleagues [52], the peak M; for Big 935r¢ g7Fep sZrg O3 ceramic, synthesized via a tartaric
acid-assisted sol-gel method, reaches approximately 3.67 emu/g. Yadav et al. [53] and
Rao et al. [39] separately synthesized BipoNd 1Fe;_,TiyO3 and Bigg5Smy 15Fep9Scy 103
ceramics through conventional solid-state reactions, obtaining M, values of about 3.15 and
0.2 emu/g, respectively. Evidently, the current findings are in good agreement with these
studies. Without a doubt, the current results suggest that the approach of compositional de-
sign coupled with grain engineering is a promising strategy for enhancing the multiferroic
properties of BiFeO3 at room temperature.
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Figure 6. (a) Magnetic hysteresis loops (M—H) and (b) ferromagnetic parameters (remnant magneti-
zation (M) and coercive field (H.)) for undoped and Nd-Nb co-doped BiFeOj3 ceramics, determined

at room temperature.

4. Conclusions

Phase-pure multiferroic Nd-Nb co-doped BF ceramics were successfully synthesized
via spark plasma sintering. The phase composition of BF ceramics was altered from an ex-
clusive R3c phase to a mixed phase comprising R3c and Pbnm phases via Nd-Nb co-doping.
The reduced-loss tangent and | were correlated to the decrease in the defect concentra-
tion and refined grain size. Nd-Nb co-doping enhanced the ferroelectric, dielectric, and
magnetic properties. The primary leakage mechanism of the co-doped sample was based
on combined SCLC and ohmic conduction. The Biy9Ndg 1Fe95Nbg 0503 ceramic sample
exhibited optimal values of P, and moderate M, at ~3.12 uC cm~2 and 0.12 emu g_l,
respectively. The improvement in ferromagnetic and ferroelectric properties of the Nd—-Nb
co-doped BF samples was attributed to the crystal structure, decreased leakage current,
and the presence of a disrupted spiral spin configuration. These findings may offer fresh
insights for advancing the multiferroic properties of BiFeOs ceramics through composi-
tional optimization and grain size manipulation, potentially paving the way for significant
practical applications.
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Abstract: Cu/Diamond (Cu/Dia) composites are regarded as next-generation thermal
dissipation materials and hold tremendous potential for use in future high-power electronic
devices. The interface structure between the Cu matrix and the diamond has a significant
impact on the thermophysical properties of the composite materials. In this study, Cu/Dia
composite materials were fabricated using the Spark Plasma Sintering (SPS) process. The
results indicate that the agglomeration of diamond particles decreases with increasing
particle size and that a uniform distribution is achieved at 200 um. With an increase in
the sintering temperature, the interface bonding is first optimized and then weakened,
with the optimal sintering temperature being 900 °C. The addition of Cr to the Cu matrix
leads to the formation of Cr;Cj after sintering, which enhances the relative density and
bonding strength at the interface, transitioning it from a physical bond to a metallurgical
bond. Optimizing the diamond particle size increased the thermal conductivity from
310 W/m K to 386 W/m K, while further optimizing the interface led to a significant
increase to 516 W/m K, representing an overall improvement of approximately 66%.

Keywords: Cu/diamond; interface structure; thermal conductivity

1. Introduction

At present, with the rapid development of electronic devices towards miniaturization,
high power, high integration, and efficient heat dissipation are essential to maintain high
performance and prolong equipment life [1-3]. Every 10 °C increase in the operating tem-
perature of an electronic device reduces its reliability by half [4]. This significantly increases
the power density of electronic devices, leading to a rapid increase in heat dissipation per
unit area. How to transfer the large amount of heat generated has become the key to the
safe, stable, and efficient operation of electronic devices, which brings new challenges to
the current electronic packaging materials and technologies [5,6]. Materials that excel in
thermal conductivity are essential for enhancing the heat dissipation of electronic devices.
Materials with high thermal conductivity are urgently needed [7,8]. To address these
challenges, metal matrix composites that boast superior thermal conductivity and tunable
thermal expansion coefficients are regarded as the most promising thermal management
materials for electronic packaging applications [9-11]. The thermal conductivity of Cu
is approximately 385-401 W/(m-K), but it has a high coefficient of thermal expansion;
the thermal conductivity of diamond exceeds 2000 W/mK, but its high cost, difficult pro-
cessing, and extreme brittleness limit its applications. Due to its extremely high thermal
conductivity, diamond is often used as a reinforcing phase to make metal-based electronic
packaging materials. The thermal expansion coefficients of Cu/Dia composites can be
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changed by adjusting the component ratio, with significantly improved thermal conduc-
tivity, typically ranging from 400 to 1500 W/m:K, sometimes even higher. However, the
smooth and chemically inert surface of diamond, combined with its poor wettability with
the Cu matrix, leads to poor interface bonding and reduced thermal performance [12,13].
Therefore, optimizing the interface structure between the diamond and Cu matrix is crucial
for improving the thermal conductivity of the metal matrix composites.

For metal matrix composites, the interface region plays a decisive role in the overall
performance of the material. In the process of preparing composite materials, if the
interface structure between the matrix and the reinforcement phase is not well controlled,
the excellent properties of the composites will be greatly reduced [14]. A large body
of literature shows that if the interface quality of diamond and Cu is poor, the thermal
conductivity of the Cu/Dia composites not only becomes lower than that of copper but is
also much lower than that of diamond with the addition of diamond [15-17]. Due to the
significance and complexity of the interface in Cu/Dia composite materials, the optimal
design of the interface has become a research topic of great concern to scholars [18,19].
The alloying of Cu matrix and strong carbon compounds can significantly improve the
infiltration and interface bonding between Cu and diamond [20-22]. The strong carbon
compounds and diamond form an interface layer, which increases the diffusion and reaction
with the diamond surface and improves the wettability of Cu and diamond [23]. This
interface can also promote the coupling of phonons and diamond phonons in the Cu
matrix, thereby improving the thermal conductivity of the composite. Weber [24] found
that the alloying elements Cr and B in the matrix have an effect on the thermal conductivity
and thermal expansion coefficient of the composite. The research indicated that as the
content of alloying elements in the matrix increases, the bonding at the two-phase interface
is significantly enhanced. However, upon further increasing the alloying elements, an
optimal content was identified where the thermal conductivity and thermal expansion
coefficient of the composite material reached their peak. Both Bai and Chu et al. found that
the thermal conductivity of Cu/Dia composites first increased and then decreased with the
increase in Zr and B contents, and the maximum thermal conductivity was obtained at 1037
°Cand 1.2 wt.% Zr content [11,25]. Kang et al. coated diamond particles with a W layer and
prepared Cu/Dia (W) composites by pressure infiltration method [26]; the results showed
that the W coating played an effective sticking role and had good interface modification. In
the development of Cu/Cr/diamond composites, the latest research focuses on enhancing
the thermal conductivity of the materials through precise composition adjustment and
innovative fabrication techniques [27,28]. Specifically, the use of Cr alloying technology
to improve the performance of the copper matrix, combined with Cr-coated diamond
particles, effectively optimizes the interface structure, thereby significantly enhancing the
thermal conductivity [29,30]. Additionally, the introduction of chromium compound layers
and the construction of a three-dimensional diamond network create an efficient pathway
for phonon transport, further improving the efficiency of heat conduction. To meet the heat
dissipation requirements of high-power electronic devices, research is ongoing to optimize
the particle size and fabrication process of the composites and to further improve the
comprehensive thermomechanical properties of the materials by enhancing the interface
bonding strength. Therefore, to further investigate the influence of alloying elements on the
interface characteristics of Cu/Dia composites, this study focused on analyzing the effects
of different Cr contents and various diamond particle sizes on the thermal conductivity of
the composites, seeking to achieve the optimal alloying element ratio for the best thermal
conductivity.

In this work, the optimal method for fabricating Cu/Dia composites with high thermal
conductivity was explored. The Cu/Dia composites were prepared using the SPS technique
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with the optimized process, and the influence of Cr content on the interfacial products and
thermal properties of the Cu/Dia composites was investigated. This study will establish a
theoretical framework for enhancing the thermal conductivity of Cr-modified Cu/Diamond
composites through the effective design and manipulation of the interface between Cu
and diamond.

2. Experimental
2.1. Raw Materials

Commercial purity Cu powder (99.99% purity) was used as a matrix material, and the
Cu powder utilized was produced by Shanghai Macklin Biochemical Co., Ltd. with the
product code C805729. The diamond crystal grains were purchased from Huanghe Whirl
wind company. The morphology of the raw materials is shown in Figure 1.

Figure 1. SEM micrographs of original diamond (a) and Cu powder (b).

2.2. Sample Preparation

The diamond particles, Cr powder, and Cu powder were weighed according to the set
mass ratio and placed into a ball milling jar, followed by adding an appropriate amount of
ball milling beads. The ball milling beads and the weighed powder were added to the jar
in a ball-to-powder ratio of 10:1. To prevent the oxidation of Cu powder during the ball
milling process, a vacuum pump was used to evacuate the air. The vacuum ball milling jar
was then placed into a planetary ball mill and milled for 5 h. The grinding parameters were
set as follows: rotation speed of 200 rpm, 15 min for forward rotation, and 15 min for reverse
rotation with a 4 min interval. After ball milling was completed, the beads and powder were
separated using a sieve. The obtained Cu/diamond powder was placed into a graphite
mold, and the powder was then pressed into discs with a diameter of 13 mm at a pressure
of 50 MPa and sintered under vacuum at the set temperature to form the shape. The sample
preparation was carried out using a Spark Plasma Sintering (SPS) machine model SPS-
12000-10AT (manufactured by Shenzhen Xingyuan Discharge Plasma Technology Co., Ltd.,
Shenzhen, China). During the sintering process, the sample was first heated to 500 °C at a
rate of 50 °C/min; then, pressure was applied while continuing to heat to the set sintering
temperature. After reaching the set temperature, it was maintained for 20 min to ensure
full densification. After sintering was completed, the power was turned off and the sample
was allowed to cool in the furnace. The pressure was slowly released when the temperature
dropped to 200 °C. The diamond volume fraction amounted to approximately 40% of all
samples. The Cu/Dia composites with this composition can effectively enhance thermal
conductivity while avoiding excessive reduction in the material’s strength and toughness.
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2.3. Characterization

The composites obtained were of a cylinder geometry with diameter of 13 mm and
thickness of 5 mm. The surface morphology and distribution of elements for the Cu/Dia
samples were studied by scanning electron microscope (SEM, Tescan VEGA3 XMU, Brno,
Czech Republic). The composition was confirmed via energy dispersive spectroscopy (EDS)
with a 30 kV accelerating voltage. The thermal conductivity (A) of the room temperature-
sintered composites was determined using the thermal diffusivity («), density (p), and
specific heat capacity (Cp) values based on the following formula: A = « x C,, X p. The
thermal diffusivities of Cu/Dia composites were measured by thermal conductivity tester
(LFA467HyperFlash, Netzsch, Selb, Germany). The different phases within the composite
material’s structure were identified by X-ray diffraction (XRD, Rigaku miniflex600, Tokyo,
Japan) using Cu K« radiation. The Archimedes principle method was used to determine
the density of the Cu/Dia composite materials with different compositions.

3. Results and Discussion
3.1. Effect of Particle Size on Agglomeration

Figure 2 illustrates the microstructure of Cu/Dia composites with varying particle
sizes at 900 °C. It is observed that when the diamond particle size is small, a pronounced
aggregation phenomenon occurs among the particles, as indicated by the red circle in the
figures a and b. As the size of the diamond particles increases, the degree of aggregation
gradually diminishes. As depicted in Figure 2, smaller particle sizes are more prone to
aggregation during the fabrication process. This phenomenon can be attributed to the fact
that diamond particles with smaller dimensions possess a larger specific surface area and
higher surface energy. The higher surface energy indicates stronger interparticle attractions,
leading the particles to cluster together in an effort to reduce the overall system energy.
Consequently, the formation of small pores within the aggregates and larger pores between
them collectively increases the material’s porosity and results in a decrease in density. As
the diamond particle size increases, the agglomeration gradually decreases, and when the
particle size reaches 200 pum, the diamond particles are uniformly distributed within the
Cu matrix.

Figure 2. Microstructure of diamond/Al composites with different particle sizes. (a,d): 40 um; (b,e):
80 um; (c,f): 200 um.

62



Nanomaterials 2025, 15, 73

~
Qo
N’

7.2

e
>

Density (g-cm™)

&
r'S

6.0

Figure 3 shows the effect of diamond particle sizes on the density and thermal prop-
erties of the composite materials at 900 °C. As the diamond particle size increases, both
the relative density and actual density exhibit an upward trend. Particularly, when the
diamond particle size increases from 40 pm to 200 pum, the relative density significantly
increases from 92.8% to 95.01%. This indicates that larger diamond particles contribute to
improving the overall density of the composite materials. With the increase in diamond
particle size, the densification of the diamond/Cu composite material gradually improves.
This might be because larger diamond particles are less prone to agglomeration in the
composite materials, thereby reducing porosity and increasing the overall density of the
materials. Agglomerated particles cannot be distributed uniformly in the matrix material,
leading to non-uniform particle distribution throughout the composite materials and result-
ing in the formation of voids around the agglomerated areas. The agglomerated diamond
particles hinder the flow of the matrix material, making it difficult for the matrix to fill
the gaps between particles, thus increasing the porosity. The reduced interface bonding
area and weakened bonding strength between the agglomerated particles and the matrix
material also affect the overall densification of the composites. Additionally, within a given
volume, as the particle size decreases, the number of interfaces increases, which in turn
leads to a higher number of interfacial voids, resulting in a lower overall density.

(b) 450
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Figure 3. Density and thermal properties of composites with various particle sizes. (a): Relative
density; (b): Thermal conductivity and actual density.

Figure 3b presents the thermal conductivity and actual density of composites with
different particle sizes. The results indicate that the thermal conductivity of the composites
gradually increases with the enlargement of the diamond particle diameter. When the
diamond particle diameter reaches 200 um, the thermal conductivity reaches its highest
value. The uniform distribution of particles plays a positive role in enhancing the thermal
conductivity of the composites. In Cu/Dia composites, the diamond particles act as excel-
lent thermal conductors and are uniformly distributed, which helps to construct effective
thermal conduction paths and thus improves the overall thermal conductivity. Conversely,
particle agglomeration or non-uniform distribution can easily form defects within the
material, such as voids and cracks, which may become areas of stress concentration and
consequently weaken the material’s performance. Uniformly distributed particles help
to reduce these internal defects and optimize interface characteristics. The improvement
in relative density can enhance the efficiency of heat transfer between particles, thereby
enhancing the overall performance of the composites.
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The standard theoretical models employed for predicting thermal conductivity are
the Maxwell-Eucken model and the Discrete Element Method (DEM) model [31,32]. The
prediction formula for the Maxwell-Eucken model is presented in Equation (1), while the
DEM model’s prediction formula is detailed in Equation (2) [31]:

3 — Acul2Acu + Adiamona + 2(Adiamod — Acu) Viiamond] 1)

2/\Cu =+ Adiamond - (/\diamond - )\Cu)Vdiamond

)\ )‘dj{zmond _ 3
3 Cu Cu
1-Vy = _fow  Acu 2
/\Cu( dzumond) Ndiamond 1 2)
)\Cu

In these equations, A represents the thermal conductivity of the composite, Ac, de-
notes the thermal conductivity of the Cu matrix, Agjzmeng refers to the theoretical thermal
conductivity of diamond, and Vjj;;0n4 is the volume fraction of diamond within the com-
posite.

The thermal conductivity of the composites is influenced by the particle size of dia-
mond, as it impacts the interface thermal resistance [33,34]. The modified effective thermal
conductivity, A'djs;0n4, is utilized in place of the original A jinon4-

A = )\di;mond 3)
1+ di;l]/rlncond

In the above equation, r denotes the size of the diamond particle, and /. represents the
thermal conductivity at the interface between the Cu matrix and the diamond particles. As
the diamond particle size decreases, the interface area increases, which diminishes phonon
scattering and enhances phonon-mediated heat transfer. Consequently, when the volume
fraction of diamond remains constant, a reduction in particle size leads to a decrease in
the thermal conductivity. Conversely, as the size of the diamond particles increases and
the interfacial gap diminishes, the thermal conductivity of the composite progressively
improves.

3.2. Effect of Different Sintering Temperatures on the Interface

Figure 4 shows the effect of different sintering temperatures on the interface structure
of Cu/Dia composites. As the temperature increases, the interface bonding condition
improves under a certain pressure. However, when the temperature reaches 1000 °C,
noticeable gaps appear at the interface. At an appropriate sintering temperature, Cu and
diamond can form good chemical bonds, thereby enhancing the interface bonding strength.
If the sintering temperature is too low, the interface reaction will be insufficient, leading
to weaker bonding forces. Conversely, if the sintering temperature is too high, due to
the difference in thermal expansion coefficients between Cu and diamond, a significant
expansion discrepancy will occur at high temperatures, resulting in the formation of tiny
gaps at the interface upon cooling. This reduces the wettability of Cu on diamond and
subsequently affects the interface bonding effectiveness.
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Figure 4. The impact of different sintering temperatures on the interface structure. (a,d) 800; (b,e)
900; (c,f) 1000 °C.

3.3. The Impact of Different Cr Contents on the Interface

Figure 5 illustrates the effect of different Cr contents on the interface structure of
Cu/Dia composites at 900 °C. Figure 6 provides the XRD analysis of composites with
various Cr contents. These composites consist of three distinct regions: the diamond
reinforcement phase, the interface layer, and the Cu matrix, with the diamond reinforcement
phase connected to the Cu matrix through the interface layer. At the interface without
Cr, the bonding force between the diamond particles and pure Cu is weak, as shown in
Figure 5a,d. It is clearly evident from the figures that despite the application of a certain
pressure during manufacturing, there is a noticeable gap between the two phases due to the
poor wettability between diamond and Cu, resulting in a lower thermal conductivity of the
Cu/Dia composites [35]. Figure 5b,e shows the image of a Cu/Dia composite containing
1 wt% Cr; the bonding between diamond and Cu is significantly stronger than that in the
previous interface. With the increase in Cr content in the Cu alloy, a transition from weak
to strong interface bonding can be observed in the Cu/Dia composites. A small amount of
Cr in the matrix is difficult to form a uniform interface due to insufficient chemical reaction.
When the Cr content is increased to a sufficient value (3%), it can be confirmed that a strong
interface bond is formed between the diamond particles and the Cu matrix, as shown in
Figure 5c¢ f.

From Figure 6, the XRD of composites with different Cr contents reveals that the
interface reaction product is CryCs. At the interface, the Cr element has undergone a
chemical reaction with the diamond, leading to an improvement of the interface. It can
be observed that as the Cr content increases from 0% to 3%, the constituent phases at
the interface become tightly bonded, indicating that the interfacial carbide layer can act
as a “binder” to firmly adhere the diamond filler to the Cu matrix. The Cr element
reacts chemically with the diamond to form a layer of chromium carbide, which serves as a
transition layer, enhancing the chemical bonding force between Cu and diamond. Extensive
literature research indicates that Cu and diamond have poor wettability [22,36]; the addition
of Cr promotes the diffusion of Cu atoms on the diamond surface, and this diffusion of Cu
atoms on the diamond surface aids in the formation of a stronger interfacial bond.
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Figure 5. The influence of different Cr contents on the interface. (a,d) 0; (b,e) 1%; (c,f) 3%.
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Figure 6. XRD of composite materials with different Cr contents.

Figure 7 presents the density and thermal properties of composites with varying Cr
contents. When Cu and diamond are in direct contact, the presence of numerous voids at
the interface results in a thermal conductivity of only 393 W/m K. As the interface layer
is optimized, both the density and compactness of the composites increase, leading to a
rising trend in the thermal conductivity coefficient. When the Cr content reaches 3%, the
thermal conductivity attains its maximum value of 516 W/m K. The relationship between
thermal conductivity and relative density indicates that as the interfacial voids decrease,
both the thermal conductivity and relative density of the Cu/Dia composites gradually
improve. This is because samples with lower relative density contain a higher volume of
pores, and the thermal conductivity of gases is very poor, at just 0.0267 W/m K, which
is negligible compared to the Cu matrix and diamond. Moreover, as the relative density
decreases, the phonon scattering intensifies, reducing the mean free path of phonons and
thus decreasing the thermal conductivity of the composites. This experimental result also
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of composite materials.

(b) 700

— Density : Thermal Conductivity

< 600 : Relative Density
500 |
400
300 -

200

Thermal Conductivity (W-m'K

100 =

0 1 3 0 1 3

Cr Content (%) Cr Content (%)

Figure 7. Density and thermal properties of composites with various Cr contents. (a) Density;
(b) Thermal conductivity and Relative density.

When calculating the thermal conductivity of composite materials using a thermal
conductivity prediction model, the interfacial thermal conductivity h. between Cu and
diamond is introduced, and its expression is as follows:

1
he = ZPCuCCuCCu’?Interface 4)

In the formula, p¢, stands for the density of Cu, c¢,, is the specific heat capacity of
copper, Cc, indicates the phonon propagation speed in Cu, and #serface Tepresents the
phonon heat dissipation coefficient at the interface of Cu and diamond. This coefficient can
be calculated using the phonon mismatch model, as specified in Equation (5):

ZZCuZdiumond CDCu
(ZCu + Zdiamond)z CDdiamond

Ninter face = (&)

Zcy and Zgigmona are the respective phonon impedances of the Cu matrix and the
diamond (Z = pCp, Cp is the Debye sound velocity). Cpgiamond denotes the phonon velocity
of diamond. The phonon velocities for both the Cu matrix and the diamond are determined
using Equation (6):

Cp= (6)

1 1 1
= 7+7
2(c% c%)

C; represents the phonon velocity traveling through the matrix in the longitudinal
direction, while C; is the phonon velocity propagating laterally within the matrix. The
heat transfer in the Cu/Dia composites primarily relies on the phonons generated in the
diamond. The interface and the pores are the key factors that influence thermal conduction
in these composites [23]. The relationship between the thermal conductivity of Cu/Dia
composite materials and the thickness of the interfacial layer can be explained by the
following reasons: The absence or minimal addition of Cr content results in direct contact
between the diamond and Cu, forming a discontinuous interface. Defects or voids at
the interface increase the interfacial thermal resistance, significantly reducing the thermal
conductivity of the Cu/Dia composites. The thermal conductivity improves with the opti-
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mization of the interface. Without the intervention of Cr alloy compounds at the interface,
there are numerous voids present. As the Cr alloy compounds continuously distribute
within the interfacial layer, the thermal conductivity of the Cu/Dia composites begins
to show an upward trend. This indicates that interfacial modification of the composites
through Cr alloying can introduce an interfacial layer between the Cu matrix and the
diamond reinforcement phase, thereby improving the interfacial bonding and enhancing
the thermal conductivity of the Cu/Dia composites. The role of the interfacial layer is
mainly reflected in two aspects: first, it increases the wettability between the Cu matrix and
the diamond, improving the interfacial quality of the composites and significantly reducing
the interfacial thermal resistance; second, the acoustic properties of the Cr compounds
are intermediate between those of Cu and diamond, which can increase the efficiency
of phonon transmission, thus effectively enhancing the interfacial thermal conductivity.
However, as the Cr content at the interface continues to increase, the thermal conductivity
will exhibit a decreasing trend. On one hand, a certain amount of Cr;Cj is formed at the
interface between the diamond and Cu, which improves the wettability and interfacial
bonding strength between the matrix and the diamond, allowing the Cu/Dia composites to
fully utilize the high thermal conductivity advantage of diamond. On the other hand, the
thermal conductivity of Cr;Cs is lower than that of Cu and diamond, with only 19.1 W/m
K. An excessive content of Cr;Cs will increase the interfacial thermal resistance, thereby
reducing the thermal conductivity of the composites [37]. Therefore, strict control of inter-
facial products is necessary, as they are influenced by temperature and time. Future work
will focus on optimizing the Cr diffusion layer thickness to boost the thermal conductivity
of composites.

Compared with those reported in the literature for similar Cu/Dia composites, the
results showed that after optimizing the interface structure, the thermal conductivity of our
composites reached 516 W/mK, which is lower than some of the highest values reported
(810 W/mK [38] and 696 W /mK [39]). This may be due to factors such as the lower diamond
content, interface quality, particle size, and sintering temperature. Although our results are
slightly below some of the highest values reported in the literature, the outcome remains
competitive given the lower diamond content and reduced sintering temperature of our
composites. Furthermore, our research, which focuses on enhancing thermal conductivity
through interface optimization, offers valuable insights for the development of Cu/Dia
composites with superior thermal performance.

4. Conclusions

Cu/Dia composites with Cr addition were fabricated using the SPS technology. The
SPS process was refined, and the interfacial structure and thermal conductivity were
assessed. Key findings are summarized below:

1. As the diamond particle size increases, the agglomeration of the composites gradually
diminishes, and when the diamond particle size reaches 200 pm, the diamonds are
uniformly distributed within the matrix. With the increase in sintering temperature,
the interface bonding is optimized initially and then weakened, with the optimal
sintering temperature being 900 °C.

2. The addition of Cr elements to the Cu matrix leads to the formation of the Cr;Cs phase
after sintering, which increases the relative density of the composite material and
enhances the bonding strength between the diamond and the matrix, transitioning
the interface from a physical bond to a metallurgical bond.

3. With the optimization of diamond particle size, the thermal conductivity of the
composites increased from 310 to 386 W/m K; after interface optimization, the thermal
conductivity further rose to 516 W/m K, with an increase of approximately 66%.
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Abstract: Non-enzymatic glucose detection is an effective strategy to control the blood
glucose level of diabetic patients. A novel hierarchical core-shell structure of nickel hy-
droxide shell coated copper hydroxide core based on copper foam (Ni(OH),@Cu(OH),-CF)
was fabricated and derived from NiO@Cu,O-CF for glucose sensing. Cyclic voltammetry
and amperometry experiments have demonstrated the efficient electrochemical catalysis of
glucose under alkaline conditions. The measurement displays that the fabricated sensor
exhibits a detection scale of 0.005-4.5 mM with a detection sensitivity of 4.67 pA/uM/ cm?.
It has remarkable response/recovery times in respect of 750 uM glucose (1.0 s/3.5 s).
Moreover, the NiO@Cu,O-CF shows significant selectivity, reliable reproducibility and
long-term stability for glucose determination, suggesting it is a suitable candidate for
further applications.

Keywords: NiO-coated Cu,O; non-enzymatic; electrochemical glucose detection

1. Introduction

Diabetes is a metabolic disease caused by the abnormal levels of glucose concentration
in the human body. Nowadays, it is a serious chronic disease in the world. Diabetes is
not only highly responsible for blindness, kidney failure, heart diseases, and strokes, but
is also the leading cause of death [1-4]. “Silent killer” is another name for diabetes [5].
Diabetes was a direct cause of 1.5 million deaths in 2019 [6]. According to the World
Health Organization (WHO), diabetes will become the seventh leading cause of death in
the world by 2030 [3,7]. Considering the extremely large financial burden of diabetes and
its serious complications, it is important to diagnosis diabetes early [6]. Monitoring glucose
concentration is an effective technique in disease prevention and diagnosis.

Considerable efforts have been invested in the development of glucose determination,
such as fluorescence [8-10], colorimetry [11,12], chemiluminescence [13,14], electrochemi-
luminescence [15] and the electrochemical technique [7,16-18]. Among these detecting
methods, electrochemistry has been recognized as the promising approach for its inherent
advantages such as convenience, rapid response, reliablity, outstanding sensitivity and the
simplicity of operation. The electrochemical glucose sensors are generally divided into two
major types, which are enzymatic and non-enzymatic methods [19]. Enzymatic glucose
sensors, based on immobilizing glucolase on conductive substrates, possess high selectivity.
However, the application of enzyme-based biosensors is limited by a lot of deficiencies,
such as it being complicated to structure the electrodes, the low thermal and chemical
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stability of the enzyme, and it being expensive. Therefore, increasing studies focus on non-
enzymatic glucose sensors [20-30]. Among a wide range of enzyme-free electrocatalytic
materials, metal oxides, such as nickel oxide [31-33] and copper oxide [34-38], are suitable
choices because they have the advantages of easy access and low cost.

To further enhance the electro-catalytic property of metal-oxide-based sensitive mate-
rials, preparing a three-dimensional multilayer structure is an effective approach [23,39,40].
In order to construct hierarchically sensitive materials, using copper foam (CF) as a sub-
strate is an appropriate candidate. Furthermore, to increase the load of sensitive materials
on a limited surface, designing a core-shell nano-structure is an excellent solution. There-
fore, using nickel oxide and copper oxide to construct a core-shell structure on 3D copper
foam and form a multicomponent hierarchical sensitive material could be a promising
approach. It will have the advantages of a large specific surface area, efficient ion diffusion
and electron transfer path.

This research drives the development of a flower spike-like structure composed of
NiO and CuyO, formed by the air annealing of Ni(OH), and Cu(OH), based on copper
foam, labeled as NiO@Cu,O-CE. Within the newly created hierarchical architecture, Cu,O
nanowires spontaneously formed on the CF and were subsequently encapsulated by NiO
nanosheets. In the hierarchical core—shell structure design, the prevention of nickel oxide
accumulation ensures optimal contact with glucose, thereby enhancing sensor efficiency.
The electrocatalytic property of the constructed sensor was investigated by cyclic voltam-
metry and amperometry tests. The as-prepared sensor possesses excellent performance in
terms of high sensitivity, effective selectivity, a fast response-recovery characteristic and a
large liner range for glucose sensing. Therefore, the NiO@Cu,O-CF hierarchical structure
is a promising material for sensitive glucose determination.

2. Materials and Methods
2.1. Materials and Reagents

Commercial Copper foams (CF) were purchased from Kunshan Luchuang Electron-
icTechnology Co., Ltd. (Kunshan, China). All the reagents were obtained from Shanghai
Aladdin Biochemical Technology Co., Ltd. (Shanghai, China) at analytical grade: ammo-
nium persulfate (NHy)25,03), sodium hydroxide (NaOH, 96%), concentrated hydrochloric
acid (HCl), Nickel nitrate hexahydrate (Ni(NO3),-6H,O, 97%), potassium chloride (KCl),
sodium chloride (NaCl), fructose (Fru), sucrose (Suc), urea (UA, 99.0%), citric acid (CA)
and sodium citrate (SSC, 98%).

2.2. Synthesis of NiO@Cu,O-CF

The synthetic procedure for NiO@Cu,O-CF is illustrated in Scheme 1 [25]. The il-
lustration of the synthetic procedure and the photograph of the as-synthesized materials
are shown in Scheme 1. Firstly, the copper foam substrate was soaked in 0.1 M HCl for
10 min, and then it was cleaned ultrasonically using DI water three times. Secondly, 16 mL
0.16 mol NaOH water solution and 44 mL 8 mmol (NHy4),S,0g water solution were mixed
and a colorless solution was obtained. Subsequently, CF was placed in the mixed solution
for 15 min. Then, a obtained blue substrate was cleaned by absolute ethanol and DI water
three times, which was marked as Cu(OH),-CF.
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Scheme 1. The illustration of the synthetic procedure and the photographs of the as-synthesized materials.
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The NiO@Cu,O-CF electrode was derived by Ni(OH),@Cu(OH),-CF annealing in air.
Drawing on Sun’s study, the Ni(OH),@Cu(OH),-CF electrode was fabricated through a
single-step solvothermal process [1]. As is typical, 40 mL methanol, containing 240 mg
Ni(NO3),-6H,0O, was transferred into a 100 mL polytetrafluoroethylene autoclave. The
as-synthesized Cu(OH),-CF was placed into methanol solution. Meanwhile, the steel auto-
clave was maintained at 180 °C for 4 h and allowed to cool down naturally in atmospheric
conditions. Then, the reacted foam was rinsed with DI water three times and dried in air.
The obtained foam was named as Ni(OH),@Cu(OH),-CF. Finally, the obtained precursor,
Ni(OH),@Cu(OH),-CF, was annealed at 350 °C with a heating rate of 5 °C/min for 2 h.
After cooling down to room temperature, a black product was obtained, designated as
NiO@Cu,O-CE. To prove the synthesis of NiO, we duplicated the methanol solution prepa-
ration and conducted the reaction under standard conditions, excluding the Cu(OH),-CF.
Subsequently, the produced powder was subjected to calcination at 350 °C for a duration
of 2 h to yield the NiO powder.

2.3. Structural Characterization

The crystal structure of sensitive materials was characterized by X-ray diffraction
(XRD) on a MiniFlex 600 X-ray diffractometer (600 W, Rigaku, Tokyo, Japan). The mor-
phology of Ni(OH),@Cu(OH),-CF and NiO@Cu,O-CF were characterized by scanning an
electron microscope (VEGA3, TESCAN, Bmo, Czech Republic). The hierarchical structure
and chemical compositions of NiO@Cu,O-CF were analyzed by transmission electron mi-
croscopy (TEM) and energy dispersive spectroscopy (EDS), respectively. The distribution of
the elements of NiO@Cu,O-CF was obtained by using the X-ray photoelectron spectroscopy
(XPS, Thermo) spectrum. The specific surface area of Cu(OH),-CF and NiO@Cu,O-CF
were measured using the Tristar 3020 (Micromeritics instrument (Shanghai) Ltd., Norcross,
GA, USA) physical adsorption instrument from Micromeritics.

2.4. Electrochemical Measurement

All the electrochemical experiments were completed using the electrochemical work
station (HY-E1002A, Shenzhen Haoyang Technology Co., Ltd., Shenzhen, China). The
Ag/AgCl (3 M KCl) electrode served as the reference, while the platinum electrode func-
tioned as the counter electrode. The electrodes that were synthesized were employed as
the working electrodes. Moreover, the electrochemical performances of obtained electrodes
for glucose detection were evaluated by cyclic voltammetry and chronoamperometry tests.
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During the test cycle voltammetry, the scan rate was set at 50 mV /s, with the voltage sweep
spanning 0 to 0.9 V.

3. Results and Discussion
3.1. Morphological and Structural Characterization

The SEM analysis was conducted to examine the morphologies of CF, Cu(OH),-
CFE, Ni(OH),@Cu(OH),-CF and NiO@Cu,O-CF. The typical three-dimensional structure
of CF can be observed in Figure la. Figure 1b,c depict the structure of Cu(OH),-CF,
featuring a uniform array of Cu(OH), nanowires that have colonized the copper foam’s
surface. Clearly seen in Figure 1d—f, the Cu(OH), nanowires are enveloped by a hydrangea-
like layer. The formed Ni(OH),@Cu(OH),-CF composite features a rod-like hierarchical
architecture and a distinct hydrangea-like appearance. For the production of metal oxide-
based sensory materials, the Ni(OH),@Cu(OH),-CF was subjected to air annealing, leading
to the oxidation of nickel and copper hydroxides to NiO and Cu,0O, respectively. As
depicted in Figure 1g—i, the annealed NiO@Cu,O-CF maintained its morphology with
minimal alteration, resembling its pre-annealed state.

Figure 1. SEM image of CF (a), Cu(OH), nanowires (b,c), Ni(OH),@Cu(OH),-CF (d-f) and
NiO@Cu,O-CF (g-i).
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Further visualization of the morphology and structural attributes of NiO@Cu,O-CF
was achieved through TEM analysis and element mapping. The fragmented NiO@Cu,O,
which was scraped from the surface of the CF substrate, was characterized by TEM as
shown in Figure 2a. Clearly, the nanowire (diameter ~ 350 nm) is surrounded by an
ultrathin shell featuring a folded structure. The evident interface between the nanowire
and shells indicates a typical hierarchical core-shell structure. Figure 2b displays the
high-resolution TEM result of the core-shell structural NiO@Cu,O. The lattice space of
0.25 nm can correspond to the (111) plane of Cu,O, and the 0.20 nm was indexed as the (200)
plane of NiO. In addition, the selected area electron diffraction (SAED) result in Figure 2c
revealed that the direction rings can correspond to (200), (220) planes of NiO and (111)
planes of Cu,O. Moreover, Figure 2d-f demonstrate the distribution of the Cu, Niand O
elements on NiO@Cu,O.

Cu,O (111)

Figure 2. The TEM (a), HRTEM (b) and SAED (c) of NiO/Cu,0O; The elemental mapping of Cu (d),
Ni (e) and O (f).

Furthermore, the XPS technique was employed to analyze the chemical composition
of NiO/CupO/CEFE. The complete spectrum in Figure 3a demonstrates the existence of Cu,
Ni and O. The Cu 2p spectra in Figure 3b presents the fitted peaks with the binding energy
of 931.6 eV, and 933.4 eV can be indexed as the Cu 2p3/2, evidencing the existence of
Cu*. And the peaks of 952.5 eV are classified as the Cu 2p1/2. Figure 3c reveals the Ni
2p spectral region with Ni 2p 3/2 peaks located at 853 eV and 854.7 eV, while the peak at
871.8 eV is attributed to Ni 2p1/2, indicative of NiZ* ions.

To further study the crystallographic structure of as-fabricated samples, the X-ray
powder diffraction (XRD) pattern delineation of Cu(OH),-CF, Ni(OH),@Cu(OH),-CF,
NiO@CuyO-CF and NiO powder were carried out and are shown in Figure 3d. It was
found that the XRD pattern of as-synthesized materials agreed well with the standard
PDF card of Cu (PDF#04-0836), Cu(OH), (PDF#013-0420), Ni(OH), (PDF#014-0117), Cu,O
(PDF#05-0667) and NiO (PDF#47-1049), respectively. For NiO@Cu,O-CF, the NiO peak is
faint. This may be due to the small amount of coverage on the nanowires. Consequently,
an identical method was employed to synthesize the NiO powder. There are three peaks
located at 36.5°,42.4° and 61.6° which correspond to the (111), (200) and (220) crystal planes
of CuyO [41,42]. The diffraction peaks at 37.2°, 43.2°, 62.8°, 75.4° and 79.4° can be indexed
to the (111), (200) (220), (311) and (222) crystal planes, respectively, of NiO [43]. The XRD
data confirm the effective synthesis of the materials.
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Figure 3. The chemical composition and crystalline structure analysis of NiO@Cu,O-CF: survey
spectrum of XPS (a), Cu 2p spectrum of XPS (b), and Ni 2p spectrum of XPS (c); (d) the XRD patterns
of as-synthesized materials.

3.2. Electrochemical Properties of NiO@Cu,O-CF

To facilitate testing, the synthesized sensitive material was trimmed into a 0.5 x 1.5 cm
rectangle and subsequently secured with electrode clips for subsequent electrochemical
experiments. And Figure 4a depicts the measurement setup of the working electrode. The
electrochemical behavior of the synthesized electrodes was assessed using cyclic voltam-
metry. Figure 4b illustrates the CV results of as-fabricated electrodes, which were tested in
0.1 M NaOH with 5.0 mM and without glucose. For Cu(OH),-CF, the oxidation current
shows a minimal rise in the presence and absence of glucose. As the Cu(OH); nanowires
were coated with Ni(OH), nanosheets, there was an enhancement in the electrocatalytic
efficiency towards glucose, though the oxidation current observed a minimal rise, signi-
fying that the Ni(OH), nanosheets have a limited catalytic capacity for glucose oxidation.
When the as-fabricated Ni(OH),@Cu(OH),-CF was oxidized to NiO@Cu,O-CF, the CV
exhibited obvious current increase once the glucose was added to the solution. Com-
parative experiments reveal that NiO/Cu,O exhibits superior electrochemical catalytic
activity towards glucose compared to Cu(OH), and Ni(OH),@Cu(OH),. Additionally, as
depicted in Figure 4c, there is a marked rise in the electrocatalytic current in response to
increasing glucose concentrations, confirming that the NiO@Cu,O-CF electrode is sensitive
to different glucose levels and is suitable for use as a glucose sensor.
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Figure 4. (a) The measurement setup of the working electrode; (b) CV curves (vs. Ag/AgCl) of
Cu(OH),-CE Ni(OH),@Cu(OH),-CF and NiO@Cu,O-CF with 0 and 5.0 mM glucose in 0.1 M NaOH
at 50 mV/s; (c) CVs (vs. Ag/AgCl) of NiO/CuyO/CF with 0, 2.0 and 6.0 mM glucose; (d) the CV
results that dependent on different scan rate (10-100 mV/s) in 0.1 M NaOH with 5.0 mM glucose;
(e) inset image is the linear fitting of catalytic current increment vs. the square root of scan rate (v!/2).

The mechanism of electrochemically catalyzed glucose on NiO@Cu,O-CF is accompa-
nied by the formation of CuOOH and NiOOH in NaOH solution and reacts with hydroxyl
anions to form glucolactone [3,37,44]. In other words, the Ni2* and Cu* of NiO and Cu,O
are oxidized to Ni** and Cu®" in test solution. With the glucose added, glucose on the
surface of NiO@Cu,O was oxidated via deprotonation. Meanwhile, the Ni** and Cu®* was
reduced to Ni?* and Cu?*; the reactions can be expressed as follows [45]:

NiO + OH™ — NiOOH + e~ (1)

Cu0 +20H™ + HyO — 2Cu(OH), + 2e— ()
Cu(OH); + OH™ — CuOOH + H,O + e~ (©)]
NiOOH + glucose — NiO + gluconolactone 4)
CuOOH + glucose — Cu(OH); + gluconolactone (5)

Furthermore, the electrochemical catalytic kinetics of NiO/Cu,O/CF were analyzed in
0.1 mM NaOH solution with 5.0 mM glucose under different scan rates (10-100 mV/s). As
Figure 4c shows, the oxidation peak current increases gradually and presents a positive cor-
relation with the scanning rate. Figure 4d,e displays a liner relationship between the anodic
peak current and the square root of scan rates (v!/?), which suggest the electrochemical
reaction is a typical diffusion-controlled process.
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3.3. Potentiostatic Catalytic Properties of NiO@Cu,O-CF

The amperometry technique was used to further estimate the electrochemical sens-
ing characteristics of NiO@Cu,O-CF. Figure 5a shows the amperometric responses of
NiO@Cu,O-CF at potential variations from 0.40 to 0.55 V in 0.1 M NaOH solution. When
the potential was 0.40 V, the current response after adding glucose was very small and
no obvious step shape was observed. Moreover, the background current will increase
significantly as the applied potential increases. At the same times, it is considered that
the higher the potential, the more interferences will be electrocatalyzed, resulting in a
decrease in the selectivity. Therefore, 0.45 V is determined as the optimal potential. Sub-
sequently, the typical i—t curve in Figure 5b was obtained by successively dropping the
glucose solution to 50 mL 0.1 M NaOH with a 20 s interval at 0.45 V. According to the
results, the NiO@Cu,O-CF presents a larger measurement scale for the glucose range
from 0.005 mM to 4.5 mM. The inset image shows a low glucose concentration for the
amperometric titration test range of 5 pM to 60 uM, which demonstrated that the elec-
trode responded sensitively, even at a low glucose concentration. The quadratic poly-
nomial fitting curve of catalytic current versus glucose concentration was defined as
y (mA) = 0.00118x (kM) — 0.00008x> (M) + 0.000033 (R? = 0.9985) in Figure 5c. Addition-
ally, Figure 5d displays the linear fitting curve between current and low glucose concentra-
tion with the equation: y (mA) = 0.00116x (uM) + 0.000034 (R? = 0.9861). According to the
fitting linear and geometric area of the electrode, the as-fabricated NiO@Cu,O-CF-based
sensor possesses a sensitivity of 4.67 pA/puM/ cm?.
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Figure 5. (a) Amperometric test curves of NiO@Cu,O-CF with continuous adding of glucose under
different potentials: 0.40 V, 0.45 V, 0.50 V and 0.55 V; (b) amperometric titration experiment of
NiO@Cu,O-CF at 0.45 V with 0.005-4.5 mM glucose, and the inset is the i-t curve in low glucose
concentrations; (c) the quadratic polynomial fitting calibration line of the sensor; (d) the linear fitting
calibration line of the sensor.
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Additionally, as well as sensitivity, the response-recovery behavior, anti-interference
performance, reproducibility and stability also make a great difference in evaluat-
ing the electrochemical catalytic ability for an efficient sensor. Figure 6a recorded the
response—recovery ability of NiO@Cu,O-CF when the glucose was increased and diluted.
At first, the current increased sharply when the glucose solution was dropped into the
electrochemical cell. Then, the glucose was diluted by adding NaOH solution and the
catalytic current decreased. From the inset image of Figure 6a, it took about 1.0 s to reach a
steady-state value in the reaction cell, and it recovered to the base line in about 3.5 s. This
confirms that the NiO@Cu,O-CF possesses fast response and recovery characteristics in
sensing glucose. In addition, the effect of the deformed electrode was detected by bending
the electrode from 0° to 120°. According to the result shown in Figure 6b, there was no
significant difference for the CV in the NaOH solution with 4 mM glucose, suggesting the
good anti-bending performance of the as-constructed electrode.
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Figure 6. (a) The i-t test curve of NiO@Cu,O-CF when increasing and diluting the glucose concentra-

tion, and the inset image shows the response and recovery times toward 0.75 mM glucose; (b) the

CVs of NiO@Cu,O-CF when it was bent to different angles (0°, 60° and 120°). (c) Interference test of

NiO@Cu,O-CF when adding KCI, NaCl, sodium citrate, urea, sucrose, citric acid and fructose; (d) the

recorded it test results of five sensors prepared by the same process and inset is the response current
in low concentration.

Selectivity is an essential ability for NiO@Cu,O-CF in practical application as an
electrochemical sensor. As shown in Figure 6c¢, the interferences, such as KCl, NaCl, sodium
citrate, urea, sucrose, citric acid and fructose, were added to the electrochemical cell in
sequence. The concentration of the added interference was 100 uM. Compared to adding
glucose, there was no significant current response with injecting those substances into the
electrochemical cell. This indicates that the NiO@Cu,O-CF electrode possesses excellent
selectivity for glucose determination. To evaluate the reproducibility of NiO@Cu,O-CF, we
carried out an amperometry experiment on five electrodes fabricated by the same process.
As shown by Figure 6d, almost all the electrodes respond with a similar current change

79



Nanomaterials 2025, 15, 47

with the glucose concentration range being 0.04-3.0 mM. The inset image is the results at
a low glucose concentration range (0.04-0.4 mM). For evaluating the long-term stability
of NiO@Cu,O-CF, cyclic voltammetry test was carried out on the same electrode in an
electrochemical cell containing 5 mM glucose over 30 days (Figure 7). The relative standard
deviation (RSD) of the current was calculated as 1.5% with 30 days, which demonstrated
that the as-synthesized sensor presented outstanding long-term stability.
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Figure 7. Long-term stability of NiO@Cu,O-CF electrode.

Finally, we compared this work with previous works which were developed using
nickel oxide and copper oxide nanomaterials. We listed the key parameters in Table 1.
We can conclude that the fabricated NiO@Cu,O-CF electrode exhibits good performance
for glucose detection, including the high sensitivity and large linear range. Through the
BET test, we found that the specific surface area of NiO@Cu,O-CF (4.26 m?2/ g) increased
significantly compared with that of Cu(OH),-CF (2.43 m?/ g). Therefore, the possible reason
is that the hierarchical core—shell structure can effectively improve the electrochemical
performance for oxide nanomaterials.

Table 1. A performance summary of nickel oxide and copper oxide-based nonenzymatic glucose sensors.

Materials (;?;7:11\‘511/‘32;) Linear Range (uM) Ref.
N-CuO/CuyO:NiO film 1.13 0.05-2.74 [46]
g-C3N4/NiO/CuO 0.362 0.0004-8.5 [47]
NiO/CuO 112.08 pA/mM 0.14-180.00 mM [48]
CuO/NiO@GCE 0.0397 0.04-4.86 [49]
CuO/NiO-0.4NFs 1.32 0.01-10.0 [50]
Ni-CuO/Cu/CuO 0.208 0.01-8.0 [51]
NiO@Cu,O-CF 4.67 0.005-4.5 This work
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4. Conclusions

In summary, we successfully fabricated a hierarchical core-shell structure named
NiO@Cu,O-CEF, in which Cu(OH); nanowires was encapsulated by Ni(OH), nanosheets on
the Cu foam substrate. Then, we smartly treated Ni(OH),@Cu(OH),-CF at 350 °C to obtain
NiO@Cu,O-CF with the same framework. The electrochemical detections demonstrated
that the NiO@Cu,O-CF electrode presented the property of excellent glucose sensing,
including high sensitivity (1.49 pA/uM/ cm?), a large linear range (0.005-4.5 mM) and
fast response/recovery times (1.0 s/3.5 s). In addition, the NiO@Cu,O-CF electrode also
exhibited good reproducibility, selectivity, anti-folding performance and long-term stability.
Therefore, the as-synthesized electrode has great potential and prospects to work as an
enzyme-free glucose sensor.
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Abstract: W-doped ZnO (WZO) films were deposited on glass substrates by using RF magnetron
sputtering at different substrate bias voltages, and the relationships between microstructure and
optical and electrical properties were investigated. The results revealed that the deposition rate
of WZO films first decreased from 8.8 to 7.1 nm/min, and then increased to 11.5 nm/min with
the increase in bias voltage. After applying a bias voltage to the substrate, the bombardment
effect of sputtered ions was enhanced, and the films transformed from a smooth surface into a
compact and rough surface. All the films exhibited a hexagonal wurtzite structure with a strong (002)
preferred orientation and grew along the c-axis direction. When the bias voltage increased, both the
residual stress and lattice parameter of the films gradually increased, and the maximum grain size of
43.4 nm was achieved at —100 V. When the bias voltage was below —300 V, all the films exhibited
a high average transmittance of ~90% in the visible light region. As the bias voltage increased,
the sheet resistance and resistivity of the films initially decreased and then gradually increased.
The highest Fop of 5.8 x 107* Q! was achieved at —100 V, possessing the best comprehensive
photoelectric properties.

Keywords: WZO; bias voltage; microstructure; photoelectric properties

1. Introduction

Transparent conductive oxide (TCO) films often have a high conductive performance,
high transmittance in the visible light wavelength range, and high reflectivity in the near-
infrared light wavelength range. Due to its superior photoelectric properties, the TCO
film has a broad application value in the field of photoelectric industry [1-3]. As the
most widely used TCO film, tin-doped indium oxide (ITO) film has the advantages of
high conductivity and high transmittance [4-6], but the raw material indium is scarce,
expensive, and toxic. Reducing or avoiding the consumption of indium has become the
inevitable development trend of transparent conductive film. With the development of
optoelectronic technology, higher requirements are put forward for the performance of
transparent electrode sin flexible displays. As a wide-band-gap semiconductor metal oxide,
ZnO film has the advantages of cheap raw materials, rich reserves, and being non-toxic
and easy to bend, meaning it is a promising TCO film material. However, the carrier
concentration of the undoped ZnO film is not high and the conductivity is poor, meaning
appropriate doping is needed to improve the conductivity of the films [7,8].

In recent years, by doping some high-valence elements into ZnO films, more elec-
trons and holes have been obtained to form the N-type semiconductor, thus increasing the
carrier concentration and the conductivity of the films, such as Al-doped ZnO (AZO) [9],
Ga-doped ZnO (GZO) [10], F-doped ZnO (FZO) [11], Mo-doped ZnO (MZO) [12], and
W-doped ZnO (WZO) [13] films. Due to the high valence difference between W and
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Zn?*, each W atom can contribute four extra electrons to the electrical conductivity. These
additional electrons increase the carrier concentration, thereby reducing the resistivity of
the ZnO film and making it more conductive. Moreover, WO* (0.062 nm) has a similar ionic
radius to Zn?* (0.074 nm), and it is easy to replace Zn atoms with W without causing signif-
icant lattice distortion [14]. Thus, the electrical properties of ZnO films can be effectively
improved by doping them with W, as has been widely applied in various fields, including
transparent conductive oxides, solar cells, and UV detectors. For example, Abliz et al. [15]
deposited WZO films by using radiofrequency (RF) magnetron sputtering, and they found
that the appropriate doping of W efficiently reduced the oxygen vacancy defects, carrier
concentration, and total trap density, which resulted in good electrical properties and high
stability. In addition to element doping, the thickness of WZO films also has a significant
impact on its photoelectric properties; for instance, the lowest resistivity together with a
high transmittance of 90% were achieved at 332 nm [16]. During the sputtering deposition,
process parameters such as substrate temperature [17] and bias voltage [18-21] have a
significant impact on the structure and properties of the films. As an important deposition
parameter, the substrate bias voltage is often used to accelerate the sputtered particles to
obtain higher energy, promote the migration of atoms on the substrate surface, and help
to form a dense microstructure, so as to improve the quality of the films. However, there
are few reports on the effect of substrate bias voltage on the photoelectric properties of
WZO films.

In this study, W-doped ZnO films were deposited by RF magnetron sputtering at
different substrate bias voltages, and the relationships between microstructure and optical
and electrical properties were explored.

2. Experimental Details
2.1. Coating Deposition

WZO films were deposited on ordinary glasses by RF magnetron sputtering using a
ceramic target of WZO (99.99% purity, ZnO:W = 98:2 wt%). A rotating substrate holder was
placed at the center of the chamber with a rotation speed of 5 rpm, and the distance between
the target and the substrate was 115 mm. All the substrates were ultrasonically cleaned
in acetone and alcohol for 20 min, respectively, and then placed on a rotating substrate
holder subsequent to desiccation. Prior to the deposition, the chamber was pumped to
8.0 x 107* Pa, and then heated up to 200 °C. High-purity Ar gas was introduced into
the chamber, and the flow rate and working pressure were fixed at 80 sccm and 0.5 Pa,
respectively. Then, the WZO films were prepared by RF magnetron sputtering for 60 min.
During the deposition process, the target power was controlled at 150 W. As the only
variable, the substrate bias voltage was varied from 0 to —300 V, and the detailed deposition
parameters are shown in Table 1.

Table 1. Deposition parameters of WZO films.

Parameters
Base pressure (Pa) 8.0 x10*
Deposition temperature (°C) 200
Working pressure (Pa) 0.5
Ar flow rate (sccm) 80
Target-to-substrate distance (mm) 115
WZO target ZnO:W = 98:2 wt%
Target power (W) 150
Substrate bias voltage (V) 0, —100, —200, —300
Deposition time (min) 60

2.2. Coating Characterization

The surface and cross-section morphologies, as well as thickness of the films were
characterized by scanning electron microscopy (SEM, Tescan Vega 3 Xmu, Brno, Czech Re-
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public). The crystalline structure of the films was characterized by X-ray diffraction (XRD,
Bruker D8 advance, Karlsruhe, Germany) using Cu Ka radiation (A = 0.15406 nm) in the
0/260 mode, where the scanning angle and scanning step were 30°-60° and 0.01°, respec-
tively. Based on biaxial strain model analysis [22], Bragg’s law [23], and the Scherrer
equation [24], the residual stresses (o), lattice parameters (c), and grain sizes (D) of films
along the c-axis of the (002) plane can be determined, respectively.

o= -233x 0 )
Co
A
" sinf @
0.9A
~ Bcosb ©)

where A, B, and ¢y = 5.2066 A refer to the wavelength of the Cu Ka radiation, the full
width at half maximum (FWHM), and the unstrained lattice constant of ZnO along the
c-axis, respectively. The optical transmittance spectrum from 300 to 1000 nm was measured
by using a visible spectrophotometer (723PCSR, Ruifeng, Guangzhou, China). The sheet
resistance and resistivity of the films were determined by a four-probe resistivity tester
(FT-316B, Ruipin Instrument, Ningbo, China).

3. Results
3.1. Microstructure

Figure 1 presents surface micrographs of WZO films deposited at various bias voltages.
As can be seen in Figure 1a, without applying bias voltage, the WZO film showed a compact
and smooth surface. After applying a bias voltage of —100 V to the substrate, the surface
became rough, accompanied by some large particles, as shown in Figure 1b. When the
bias voltage was increased to —200 V, the WZO film showed a compact and rough surface
morphology, which was mainly caused by ion bombardment and etching effects under high
bias voltage. When the bias voltage was further increased to —300 V, the film presented
a rod-like nanocrystal morphology on the surface, which corresponded to the top of the
columnar crystal structure of the film. A similar surface structure was also found for the
W-doped ZnO films deposited at high substrate temperatures [17]. After applying a bias
voltage, the cations in the plasma will continuously bombard the substrate and the growth
surface of the film under the action of the electric field, promoting the migration and
aggregation of surface atoms and forming large grains. As the bias voltage increased, the
ion bombardment effect was further enhanced, causing damage to the growth surface of
the films and forming a compact and rough structure.

Figure 2 shows the cross-sectional micrographs of WZO films deposited at various
bias voltages. As can be seen in Figure 2a, without applying bias voltage, the WZO film
showed a fine columnar crystal structure, and the film thickness reached 527 nm. There are
no obvious gaps at the interface between the film and the glass substrate, indicating good
bonding between the film and the substrate. After applying a bias voltage of —100V, the
WZO film transformed into a dense columnar crystal structure, and the thickness decreased
to 428 nm. This can be related to the enhanced ion bombardment effect after applying
bias voltage, resulting in the formation of a thin and dense columnar crystal structure.
However, when the bias voltage was further increased to —200 and —300 V, the thickness of
the films gradually increased, and the films exhibited a distinct columnar crystal structure.
As shown in Figure 3, when increasing the bias voltage, the deposition rate of WZO films
first decreased from 8.8 to 7.1 nm/min, and then gradually increased to 11.5 nm/min at
—300 V. After applying bias voltage, the ion bombardment effect was enhanced, the films
became more compact, and this led to an initial decrease in the deposition rate. A similar
result was also found for the TiN coatings deposited by magnetron sputtering at various
bias voltages [25]. Similarly, the deposition rate of AITiVCuN coatings initially decreased
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due to the enhanced ion bombardment effect at high ion source currents [26]. When the
substrate bias voltage was further increased, more ions with high energy flew towards the
growing surface of the film per unit of time, resulting in an increase in the deposition rate
of the films.

(@)
oV

Figure 1. Surface micrographs of the WZO films at various bias voltages: (a) 0 V, (b) —100 V,
(c) =200V, (d) —300 V.

(@)
(1R

Figure 2. Cross-sectional micrographs of the WZO films at various bias voltages: (a) 0 V, (b) =100V,
(c) =200V, (d) —300 V.
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Figure 3. Deposition rates of the WZO films at various bias voltages.

Figure 4a displays the XRD pattern of WZO films deposited at various bias voltages.
Without applying bias voltage, a strong diffraction peak appeared at about 34.35°, which
corresponded to the (002) plane of the ZnO phase. This indicated that the WZO films
showed a hexagonal wurtzite structure with a strong preferred orientation of the (002)
plane, that they and grew along the c-axis direction. In addition, a weak diffraction peak
appeared at about 35.97°, corresponding to the (101) plane of the ZnO phase, indicating
that the WZO films exhibited a polycrystalline structure. However, no W-related phase
appeared in the XRD pattern. It was demonstrated by XPS analysis that the W atoms
were completely oxidized, and that they existed in the oxidized state of W®* [17]. Due
to the similar ionic radii of Wo* and Zn?*, the doped W tended to replace Zn sites in the
hexagonal wurtzite structure [14,15]. When compared to the standard diffraction peak
of the ZnO phase (JCPDS 36-1451), both the (002) and (101) diffraction peaks of the films
shifted towards lower angles. Generally, due to the difference in ionic radius, replacing Zn?*
(0.074 nm) with W®* (0.062 nm) will cause a decrease in the lattice parameters, resulting in
a shift of diffraction peaks towards higher angles. Thus, the leftward shift of diffraction
peaks was mainly caused by the residual stresses in the films, including thermal stress and
intrinsic stress [27]. With the increase in bias voltage, the (002) diffraction peak of WZO
tilms gradually shifted towards lower angles, which was mainly related to the enhanced ion
bombardment under higher bias voltages. The calculation of residual stresses and lattice
parameters of the films was conducted by Equations (1) and (2), respectively (Figure 4b).
All the films exhibited compressive residual stress, and the WZO films presented the lowest
compressive residual stress of 0.48 GPa at 0 V. With increasing bias voltage, the residual
stress gradually increased to 2.47 GPa at —300 V. Correspondingly, the lattice parameter
also gradually increased from 5.2172 to 5.2618 A. A similar phenomenon was found for
the AZO/Cu/AZO films, where the lattice parameter showed a positive correlation with
the residual compressive stress [23]. When increasing the bias voltage, the weak (101)
peak disappeared, and the intensity of the (002) peak gradually decreased, indicating
a decrease in crystallinity of WZO films, which could be due to the increase in lattice
defects generated under the strong ion bombardment [28]. In addition, the full width at
half-maximum (FWHM) of the (002) peak also varied with the bias voltage. Based on
the Scherrer Equation (3), the grain size of the WZO films can be calculated, as shown in
Figure 4c. As the bias voltage increased from 0 to —300 V, the grain size first increased
from 27.1 to 43.4 nm, then gradually decreased to 24.1 nm, suggesting that the maximum
grain size was achieved for the film deposited at —100 V. Under an appropriate bias
voltage, the sputtered species with high kinetic energy continuously flew towards the
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substrate surface, which increased the mobility of surface atoms and then promoted atomic
nucleation and growth.
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Figure 4. XRD patterns (a), residual stresses and lattice parameters (b), and grain sizes (c) of the
WZO films at various bias voltages.

3.2. Photoelectric Properties

Figure 5a displays the transmission spectra of WZO films deposited at various bias
voltages. It can be seen that all the transmission spectra exhibited obvious fluctuations,
which can be related to the interference effect caused by the reflection effect at interfaces [16].
Similar fluctuating transmission spectra have also been observed in other W-doped ZnO
films [17,29], and the optical band gap of WZO films ranged from 3.45 to 3.52 eV [30]. All
the films have a sharp absorption edge in the ultraviolet range of 350-400 nm, and they
shifted to a longer wavelength with the increase in bias voltage. Based on the transmittance
in the range of 380-780 nm, the average transmittance of the films in the visible light region
can be calculated, as shown in Figure 5b. At low bias voltages, all the WZO films exhibited
a high average transmittance of ~90% in the visible light region. After applying a high
bias voltage of —300 V, the average transmittance of WZO films decreased to 88.5%. This
decrease in the average transmittance can be explained by the following reasons. Firstly,
with the increase in bias voltage, the plasma bombardment effect was enhanced, resulting
in an increase in the surface roughness of the films, which enhanced the scattering of
photons, thereby reducing the optical transmittance. Secondly, the film thickness was
increased at high bias voltages, which enhanced the absorption of photons, resulting in a
decrease in average transmittance [17]. Thirdly, the crystallinity of the film decreased and
the grain size became smaller at high bias voltages, resulting in an increase in defects and
grain boundaries in the films, which enhanced the scattering effect of photons and thereby
reduced the optical transmittance [31].
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Figure 5. Transmittance (a) and average transmittance (b) of the WZO films at various bias voltages.

Figure 6 shows the sheet resistance and resistivity of the WZO films deposited at
various bias voltages. As the bias voltage increased from 0 to —300 V, the sheet resistance
of the films initially decreased from 1.1 to 0.6 k(}/sq, and then gradually increased to
0.9 kQ)/sq. Correspondingly, the electrical resistivity of the films exhibited a similar trend
of change with the increase in bias voltage. Thus, applying an appropriate bias voltage was
conductive to improving the electrical conductivity of WZO films, and the lowest electrical
resistivity of 2.6 x 102 O-cm was achieved at —100 V, which was lower than that of
WZO films with different W doping concentrations [15]. The initially decrease in the sheet
resistance and resistivity was mainly attributed to the increase in grain size, as confirmed by
the XRD results mentioned above. The larger the grain size, the lower the density of grain
boundaries, which reduced the grain boundary scattering and allowed electrons to migrate
more freely in the crystal, thereby reducing the electrical resistivity of the films. A similar
phenomenon was also found in WZO films deposited at various substrate temperatures,
where the electrical resistivity decreased with the increase in grain size [17]. However,
when the bias voltage increases above —100 V, the increase in electrical resistivity can
be attributed to the poor crystallinity and the smaller grain size. Thin films with low
crystallinity usually have more defects, which can capture or scatter free electrons, as well
as restrict electron migration, thereby leading to an increase in the electrical resistivity.
Similar results were also found in the W-doped ZnO [16] and Zr-doped ZnO [32] films,
where the electrical conductivity increased with improved crystallinity.
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Figure 6. Sheet resistance and resistivity of the WZO films at various bias voltages.
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For transparent conductive films, the figure of merit (Fops) can be used to estimate the
comprehensive photoelectric properties, which is defined as follows [33]:

TlO
Frpy — a0 4
oM = R 4)

where T,, and R; refer to the average optical transmittance in the visible region and the
sheet resistance, respectively. Figure 7 presents the Fpy; of WZO films deposited at vari-
ous bias voltages. When increasing the bias voltage, the Fop of WZO films exhibited a
trend of first increasing and then decreasing. It can be clearly seen that the highest Foy,
of 5.8 x 107* ! was achieved for the WZO film deposited at —100 V, which possessed
a high transmittance of 90.2% as well as a low sheet resistance of 0.6 k()/sq. This indi-
cated that the best comprehensive photoelectric properties of the films were achieved at
a bias voltage of —100 V. As compared to the WZO films deposited at different substrate
temperatures [17], the Fop; was relatively lower, which was mainly related to the high
sheet resistance.
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Figure 7. Figures of merit of the WZO films at various bias voltages.

4. Conclusions

In this study, W-doped ZnO films were deposited on glass substrates by RF magnetron
sputtering. The bias voltage was found to have a significant impact on the structure and
photoelectric properties of WZO films, providing a simple and effective process solution
for preparing high-performance TCO films. The main conclusions are as follows:

(1)  When the bias voltage increased from 0 to —300 V, the deposition rate of the films first
decreased from 8.8 to 7.1 nm/min and then gradually increased to 11.5 nm/min. After
applying bias voltage to the substrate, the ion bombardment effect was enhanced, and
the surface morphology became much compact and rough.

(2) All the WZO films exhibited a hexagonal wurtzite structure with a strong (002)
preferred orientation, and grew along the c-axis direction. With an increasing bias
voltage, the lattice parameter gradually increased from 5.2172 to 5.2618 A, and the
grain size first increased from 27.1 to 43.4 nm and then gradually decreased to 24.1
nm.

(3) All the WZO films exhibited a high average transmittance of ~90% in the visible
region. When the bias voltage was increased, the electrical resistivity of the films
exhibited a trend of first decreasing and then increasing, and the highest Fops of
5.8 x 10* ! was achieved at —100 V.
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Abstract: In this work, the Al-Mo nanocrystalline alloy films with Mo contents ranging from 0-10.5 at.%
were prepared via magnetron co-sputtering technology. The composition and microstructure of alloy
thin films were studied using XRD, TEM, and EDS. The mechanical behaviors were tested through
nanoindentation. The weights of each strengthening factor were calculated and the strengthening
mechanism of alloy thin films was revealed. The results indicate that a portion of Mo atoms exist in
the Al lattice, forming a solid solution of Mo in Al. The other part of Mo atoms tends to segregate at
the grain boundaries, and this segregation becomes more pronounced with an increase in Mo content.
There are no compounds or second phases present in any alloy films. As the Mo element content
increases, the grain size of the alloy films gradually decreases. The hardness of pure aluminum
film is 2.2 GPa. The hardness increases with an increase in Mo content. When the Mo content is
10.5 at.%, The hardness of the film increases to a maximum value of 4.9 GPa. The fine grain (AHgb),
solid solution (AHss), and nanocrystalline solute pinning (AHc ss) are the three main reasons for the
increase in the hardness of alloy thin films. The contribution of AHgb is the largest, accounting for
over 60% of the total, while the contribution of AHss accounts for about 30%, ranking second. The
rest of the increase is due to AHy, ss.

Keywords: nanocrystalline; Al-Mo alloy film; microstructure; mechanical properties; strengthening
mechanism

1. Introduction

Due to their excellent performance, nanocrystalline materials have been increasingly
applied in fields such as aerospace and electronic information. Their application has always
been a hot research topic in the academic community [1-4]. When the grain size decreases to
the nanometer level, the volume fraction of the grain boundaries will increase exponentially.
The stability of nanocrystalline material systems will be significantly reduced, making it
easy for spontaneous grain growth to occur. For example, pure nanocrystalline metals such
as Cu [5], Ni [6], and Al [7] will exhibit grain growth under external loading or at very low
heating temperatures. Some nanocrystalline pure metal grains may even coarsen at room
temperature [8]. The instability of their structure limits the application of nanocrystalline
pure metals.

Therefore, improving the stability of nanocrystalline metals has always been an im-
portant research direction [9-11]. Some studies have shown that adding alloying elements
to pure nanocrystalline metal is an effective way to improve their stability. Devaraj [12]
studied the effect of the addition of Mg on the stability of nanocrystalline Al. It was found
that, after annealing at 300 °C for 3 h, the grain size of the pure Al film doubled, while
the size of the Al-10 at.% Mg alloy film only increased by 69%. Rajagopalan et al. [13]
added Ta to nanocrystalline Cu. The grain size of the Cu-Ta nanocrystalline alloy did
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not show significant growth even after annealing at 400 °C. In addition, similar research
results were reported for the Cu-Zr [14], FeNi-Zr [15], and Ni-W [16] systems. These addi-
tional alloying elements can limit the coarsening of these grains by reducing the system’s
free energy and pinning the nanocrystalline boundaries, thereby improving stability [17].
Therefore, compared to pure metals, nanocrystalline alloys have more practical value. It is
also of greater research significance to study their mechanical behavior and corresponding
reinforcement mechanism.

However, the strengthening mechanism of nanocrystalline alloys is also more com-
plex [18-20]. With the change in alloy element content, the grain size, solute content, and
properties of the grain boundaries of the nanocrystalline alloys will undergo corresponding
changes. The interweaving of these microstructural factors makes it extremely difficult to
reveal the strengthening mechanism [21]. Distinguishing the roles of various structural
factors and studying them separately is an effective way to reveal the strengthening mecha-
nism of nanocrystalline alloys. Some studies [20,22,23] have already attempted to do this
through theoretical calculations. However, most of these studies obtained nanocrystalline
alloys with fixed compositions and calculated the effects of various strengthening factors.
Few systematic studies have been conducted on a series of nanocrystalline alloys to inves-
tigate the changing trends and weights of various strengthening factors during the alloy
content variation process.

In this study, Al-Mo nanocrystalline alloy films were synthesized via magnetron
sputtering technology. The effect of different molybdenum element contents on the mi-
crostructure and comprehensive mechanical properties of the alloy systems was studied
in detail. Subsequently, the roles of various strengthening factors in the alloy films were
calculated. The strengthening mechanism of nanocrystalline Al-Mo alloy films is revealed,
based on the effects of various microstructural factors.

2. Materials and Methods
2.1. Film Deposition

The Al-Mo nanocrystalline alloy films with a Mo content ranging from 0 to 10.5 at.%
were synthesized via multi-target magnetron co-sputtering technology using an ANAVA
SPC-350 magnetron sputtering instrument (Anelva, Tokyo, Japan). The Al and Mo targets
with a diameter of 75 mm were controlled by two RF cathodes, respectively. The distance
between the target material and the substrate was 50 mm. The single-crystal Si wafers with
dimensions of 15 mm x 15 mm were cleaned with alcohol ultrasonic for 15 min and dried
before being placed on substrate racks in vacuum chambers. After evacuating the chamber
to 5 x 104 Pa, the high-purity Ar gas, with a purity of 99.999%, was introduced. During
the sputtering process, the working pressure was maintained at 6 x 107! Pa. A series of
Al-Mo alloy thin films with a Mo content ranging from 0 to 10.5 at.% were prepared by
changing the Mo target power while keeping the Al target power at 200 W. The Mo target
powers were 0, 10, 20, 30, 40, and 50 W, respectively. The substrate was not heated or
subjected to negative bias throughout the entire deposition process. The total deposition
time was controlled at 2 h. The thickness of all alloy films was controlled at around 2 pm.

2.2. Films Characterization

The elemental contents (Al, Mo) of the alloy films were measured using an EDS (EDX,
Oxford instruments INCA) (Oxford Instruments, Oxford, UK) attached to the scanning
electron microscope (S-3400N SEM, Hitachi, Tokyo, Japan). The phase structure of the
Al-Mo nanocrystalline alloy films was determined via X-ray diffraction (XRD) with Cu-Ko
radiation using a D8 X-ray diffractometer (Bruker, Karlsruhe, Germany). The scanning
range of 20 was 30-70°, with a scanning speed of 5°/min. The microstructure was char-
acterized using a JEOL-2100F TEM microscope (JEOL, Tokyo, Japan). The TEM samples
were prepared using the soluble salt substrate method [24]. The comprehensive mechanical
properties of the Al-Mo alloy systems were determined using a Step 300-NTH3 nano inden-
tation (Anton Paar, Graz, Austria). The maximum load applied was 10 mN. The loading
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and unloading speed was 30 mN/min. The holding time was 10 s. The hardness and elastic
modulus information of the films was analyzed using the Oliver—Pharr method [25]. To
ensure the validity of the data, all samples were measured at more than 20 points.

3. Results and Discussions
3.1. The Microstructure of Alloy Films

Figure 1 presents the XRD pattern of the Al-Mo alloy films. As shown in the figure, all
films contained a set of FCC Al peaks and no other Al compound peaks were found. This
indicates that the film formed an Al-Mo solid solution. The XRD pattern of the pure Al film
and the Al-0.9 at.% Mo film shows sharp diffraction peaks of Al (111) and Al (200), as well
as weak diffraction peaks of Al (220). As the Mo content further increases, the Al (111) peak
gradually widens while the Al (200) peak gradually weakens, indicating a gradual decrease
in grain size. This is because the continuous addition of Mo atoms causes a large amount of
lattice distortion in the Al film, which destroys the integrity of the Al grains. The diffraction
peaks of Al (200) and Al (220) disappeared after the Mo element content increased to
10.5 at.% while the Al (111) peaks also became broadened and diffused. This indicates that
the Al-Mo alloy film contains nanocrystalline or amorphous structures. Additionally, it is
worth noting that as the Mo content increases, all diffraction peaks shifted towards larger
angles. This is due to the substitution of larger-radius Al atoms with smaller-radius Mo
atoms, resulting in the contraction of the Al lattice.
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Figure 1. The XRD analysis results of Al-Mo alloy thin films.

According to the XRD results, the films’ grain size and interplanar spacing were
calculated using Scherrer formula and Bragg’s law, respectively. In Figure 2a, the film grain
size continues to decrease while the Mo content increases. In pure Al film, the grain size is
about 121 nm. When the Mo element content increases to 0.9 at.%, it rapidly decreases to
about 84 nm. Further increasing the Mo content leads to a continuous decrease in the grain
size of the alloy film. When the Mo element content reaches 10.5 at.%, the grain size of the
alloy film decreases to about 19 nm. This is because the high non-equilibrium of magnetron
sputtering causes the sputtered particles to quickly lose kinetic energy when deposited on
the substrate. The limitations of the dynamic conditions force Mo atoms to remain in the Al
lattice. The addition of the Mo atoms causes severe distortion of the Al lattice, resulting in
a decrease in grain size. In Figure 2b, the films’ interplanar spacing continuously decreases
with an increase in Mo contents. The dashed line represents the fitting curve.
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Figure 2. The relationship between grain size (a) and the interplanar spacing (b) of alloy thin films

and Mo content.

In order to further determine the microstructure of the Al-Mo alloy films, a plane
observation of the alloy films was performed using TEM. The results are shown in Figure 3.
According to the grain size distribution diagrams in the lower right corner of Figure 3a—c,
the grain size was about 120 nm in the pure Al film. The grain size continued to decrease
with the increase in Mo. In the Al-7.8 at.% Mo alloy film, the grain size was only a dozen
nanometers. In addition, the HRTEM analysis indicated that the interplanar spacing of the
Al lattice gradually decreases with the increase in Mo content. This trend is consistent with
the results of the XRD analysis.

0 80 100 120 140 160 g - 40 50 60
Grain size (nm) 3 Grain size (nm)

Figure 3. TEM bright field image and HRTEM image of pure Al (a,d), Al-2.1 at.% Mo (b,e), and
Al-7.8 at.% Mo (c,f) alloy film.

The relationship between Mo content within the grain and the global Mo content of
films is shown in Figure 4. The global Mo content is measured via EDS. The grain interior
Mo content is calculated using Formula (1) [26]:

a = G{2[cRy (1) + (1 - )Ro(1)] — Biglent + (1 — c)n5]} 1)
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where 4 is the lattice constant shown in Figure 2b. G and E are constants (for FCC structure,

G = \@, E = Z*T\ﬁ) ; A and B are the numbers of the shortest and second shortest bonds,
respectively. R;(1) and Ry (1) are half of the bond length. n{ and 1§ are the numbers of
covalent electrons.

RN
o
T

Grain Interior Composition (at.% Mo)

0 2 4 6 8 10
Global Composition (at.% Mo)

Figure 4. The variations in the grain interior Mo content and global Mo content of Al-Mo films.

In Figure 4, the dashed line shows that the grain interior’s Mo content is equal to the
global Mo content. As the global Mo content increases, the grain interior’s Mo content
also shows an upward trend, but is always generally lower than the global Mo content.
This indicates the phenomenon of Mo atom segregation at grain boundaries in Al-Mo alloy
films. When the total Mo content is below 2.1 at.%, this difference is not significant, but
when the Mo content is above 5.3 at.%, this trend gradually increases.

3.2. Mechanical Behaviors of Alloy Films

Figure 5 shows the nanoindentation measurement results of the Al-Mo alloy film.
As shown in Figure 5a, the change in hardness can be divided into two stages with the
increase in Mo content. When the Mo content is in the range of 0-2.1 at.%, the hardness
rapidly increases from 2.2 GPa to 3.7 GPa. When the Mo content is over 2.1 at.%, although
the hardness continues to increase, the growth rate gradually slows down. When the Mo
content increases to 10.5 at.%, the hardness reaches the maximum value of 4.9 GPa. The
elastic modulus in Figure 5b shows an almost linear increasing trend with the increase in
Mo content. The dashed line is the fitting curve.
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Figure 5. The nanoindentation measurement results of Al-Mo alloy film’s (a) hardness and (b) elastic
modulus.
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There are three strengthening factors that contribute to the increase in the hardness of
alloy films. On the one hand, as the Mo content increases, the grain size of the alloy film
continues to decrease. The hardness increment of AH,;, caused by grain refinement is one
of the important reasons for the increase in the hardness of Al-Mo alloy films.

The value of AH,;, was calculated using Formula (2). In this article, AH,, represents
the difference in hardness between Al-Mo alloy films with different Mo contents and pure
Al films.

AHgy, = H — Hyy = ak(d™V/? —d;}/?) )

where a = 3.6 represents the conversion relationship between hardness and strength. The
value of k is taken as 3.795 GPa/nm /2 [18].

On the other hand, solid-solution atoms also have pinning and hindering effects on
the movement of dislocations. Therefore, solid-solution strengthening is another important
reason for the enhancement of the hardness of Al-Mo alloy thin films. The hardness
increment AHjs can be calculated using the Fleischer model.

3/2 /
ACFleischer = \6(0.2) / GlSG — mgb‘3/261/2 3)

where c is the solute content and m is a constant representing the type of dislocation, which
is m = 3 for this paper. G is the shear modulus of the alloy film, which can be calculated
from the elastic modulus in Figure 5b. ¢, is the lattice mismatch coefficient; e, = (db/dc)/b.
s/G is the modulus mismatch coefficient.

8, _ £G
G 1+05¢eq

Finally, Rupert et al. [21] suggested that when the grain size decreases to the nanometer
level, the grain boundaries also have a pinning effect on the movement of dislocations. The
hardness increment Aoy, ss caused by the nanocrystalline solution pinning strengthening

can be expressed as follows:

Gb
ATpcss = a Enc (4)

Based on the above, the total hardness increment A Hr,,; of the Al-Mo alloy film can
be expressed as follows:

AHTy1q = AHgb + AHss + AHpe, ss (5)

Figure 6 shows the variation in the curves of AHryq, AHgb, AHsg, and AH ;¢ 55 with the
Mo content. As shown in the figure, the increment in hardness caused by the three strength-
ening factors gradually increases with the increase in Mo content. The contribution of
grain refinement (AH,;) is the most significant, exceeding 60%, followed by solid-solution
strengthening (AHss), which accounts for about 30% of the effect, and the contribution of
the nanocrystalline solution pinning (AH ) is the smallest, comprising only about 10%
of the total effect.

The red line in Figure 7 represents the theoretically calculated hardness increment
AHc, while the black line represents the experimentally measured hardness increment
AHjy;. Although the AH); curve is slightly higher than the AH curve, the trends of the two
are generally similar. This indicates that the consistency between the theoretical calculation
and experimental results is good. Although the calculated results are in good agreement
with the experimental results, there is still room for discussion regarding this theoretical
model. The Hall Petch formula and solid solution strengthening model are both derived
from coarse-grained materials, and their applicability at the nanocrystalline scale needs to
be discussed. Some studies have shown that when the grain size decreases to 20-30 nm,
traditional dislocation models will fail. The nanocrystalline Al alloy will exhibit the inverse
Hall-Petch effect and solid solution softening phenomenon. This may also be the reason
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the theoretical calculated hardness of Al-10.5 at.% Mo films continues to rise, while the
measured hardness tends to flatten out.
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Figure 6. The variation curves of AHry,;, AHgb, AHss, and AH s with Mo content.
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Figure 7. The calculated and measured hardness increment of alloy films.

4. Conclusions

In this work, Al-Mo alloy films were prepared using magnetron co-sputtering technol-
ogy. The effect of different Mo element contents on the microstructure and comprehensive
mechanical properties of the alloy films was studied. The strengthening mechanism of the
alloy films was revealed. The following main conclusions were obtained:

1. All the Al-Mo alloy films formed an Al-Mo solid solution. No compounds or sec-
ond phases appeared. With the increase in Mo, the grain size rapidly refines. The
additional Mo atoms exhibited the phenomenon of grain boundary segregation. The
higher the Mo content, the more pronounced the trend of grain boundary segregation.

2. The hardness and elastic modulus of the Al-Mo nanocrystalline alloy films gradually
increased with the increase in Mo content. The fine grain (Ath), solid solution
(AHss), and nanocrystalline solute pinning (AHj;¢ss) are the three main reasons for the
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increase in the hardness of alloy thin films. Among them, the contribution of AH b is
the largest, accounting for over 60% of the total response, while the AH;;s accounts for
about 30%, ranking second. The rest is due to the contribution of AH,;¢ ;.
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Abstract: This study developed a novel material based on polyvinyl alcohol-ethylene glycol (PVA-
EG) hydrogel and systematically evaluated its potential application in the removal of animal glue
from book surfaces. The microstructure, surface properties, and mechanical characteristics of the
PVA-EG hydrogel were analyzed using X-ray diffraction (XRD), Fourier-transform infrared spec-
troscopy (FTIR), contact angle measurements, a universal testing machine, and a dynamic mechanical
analysis (DMA). The introduction of ethylene glycol (EG) could weaken hydrogen bonding inter-
actions between PVA chains to enhance the molecular chain flexibility of the hydrogel. Notably,
the 10% PVA-EG hydrogel shows better crystallinity, higher hydrophilicity, and optimal balance
between mechanical strength and flexibility compared to pure PVA, which is conducive to improv-
ing the efficiency of the removal of animal glue. Additionally, the effectiveness of the process of
removing animal glue was verified by real-time monitoring using europium nitrate at a concentration
of 0.4% (w/v) as a fluorescent marker. Such hydrogels with high mechanical properties, strong
surface hydrophilicity, good removal efficiency, and gentle treatment characteristics have potential
applications in the restoration of cultural heritage.

Keywords: PVA-EG hydrogel; animal glue removal; book restoration; fluorescence labeling

1. Introduction

The protection of cultural heritage is of great significance to the inheritance of human
civilization. Many precious ancient books, such as ancient texts, calligraphy, and paintings,
and paper artifacts like murals, have developed problems of aging and deterioration
over time due to the use of traditional adhesives like animal glue [1-3]. The animal glue
becomes brittle over a long period, leading to damage to paper fibers and pigment layers,
which poses significant challenges to the restoration of ancient books [4-6]. Traditional
cleaning methods like mechanical scraping and the use of organic solvents can cause
additional damage to ancient books and lack precise control over the cleaning process [7].
These methods may damage the substrate materials of ancient books or leave harmful
residues, affecting their long-term preservation. There is an urgent need to develop a gentle,
controllable, and non-destructive method of removing animal glue for the restoration of
classical books.

In recent years, the new hydrogel cleaning system has gradually become an essential
tool for the cleaning of ancient books due to its controllability and gentleness [8-10]. These
hydrogels can confine cleaning agents within the gel network, achieving controllable release
of the cleaning solution, and avoiding the risk of the penetration and diffusion of liquid
cleaning agents, thereby reducing the damage to ancient books.

Polyvinyl alcohol (PVA)-based hydrogels have been widely used in the field of an-
cient book cleaning due to their biocompatibility, tunable mechanical properties, and
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good adhesiveness [11-14]. By blending PVA hydrogels with other natural or synthetic
polymers—such as polyvinylpyrrolidone (PVP), starch, chitosan, agarose, methacrylates,
etc.—or by introducing cross-linking agents, their properties can be further enhanced,
including increased mechanical strength, water retention capacity, and plasticity [15-20].
Recent research has further broadened the applications of PVA hydrogels in cleaning
ancient books. For example, the “green” PVA /starch cryogels prepared by introducing
starch not only have excellent cleaning performance but also enhance ecological compatibil-
ity [21]. In addition, PVA-based sponge-like cryogels fabricated through freeze—thaw cycles
and solvent exchange methods possess adjustable pore structures and excellent diffusion
properties, which make them ideal for cleaning complex surfaces [22-24]. The optimized
semi-interpenetrating p(HEMA)/PVP hydrogel accelerates the gel preparation process and
enhances the effectiveness of cleaning artwork surfaces [25].

To tackle the challenge of removing animal glue, recent studies proposed the use
of a heat-induced PVA hydrogel dissolution method to effectively eliminate animal glue
from ancient mural surfaces [26]. This method avoids damage of the mural substrate base
by partially dissolving the PVA hydrogel under heat to control the release of hot water,
gradually dissolving and removing the animal glue layer. Moreover, microemulsion-loaded
PVA /PEI hydrogels have also been used to clean animal glue and dirt from the surfaces
of murals and ancient coins, demonstrating their potential in cleaning ancient books [27].
In addition to PVA-based hydrogels, other types of gel materials have also been used in
cultural heritage cleaning. For example, the reusable cross-linked gels based on poly(ethyl
methacrylate) (PEMA) with adjustable flexibility and affinity for organic solvents can be
used to clean aged coatings on artwork surfaces [28]. The combination of bioenzymes and
biosurfactants has been used to remove mold spots from paper artifacts, showing good
cleaning effectiveness and material compatibility [29]. Polyelectrolyte hydrogels have been
used for non-destructive cleaning of murals, enhancing the mechanical properties of the
gels and their adsorption capacity for dyes and metal ions by introducing chitosan and
charged copolymers [30]. More research is now focusing on green chemistry and renewable
materials to enhance the sustainability and eco-friendliness of cleaning methods [31,32].
For instance, nanostructured bio-based organogels derived from castor oil and prepared via
a sustainable polyurethane cross-linking method can be used for cleaning water-sensitive
artworks [33]. Starch nanoparticles prepared through non-solvent methods using green
solvents can be used to reinforce fragile painting layers [34].

Current hydrogels still present some specific limitations in practical applications,
including restricted adaptability to complex surfaces, complex preparation procedures,
and the possibility of gel residue [35-40]. To solve these problems, this study focuses on
developing an optimized PVA-EG hydrogel by adjusting PVA concentrations (6%, 8%,
10%, 12%) and incorporating ethylene glycol (EG) as an additive to achieve hydrogels
with enhanced mechanical properties and water absorption capacity. We prepared the
hydrogel by the low-temperature freeze—thaw cycling and solvent replacement methods.
The structure and properties of the hydrogels were characterized by XRD, FTIR, contact
angle measurements, mechanical testing, and DMA. The results indicated that introducing
EG facilitated the orderly arrangement of PVA molecular chains, enhancing the crystallinity
and mechanical strength of the hydrogels. Fluorescently labeled animal glue was used to
simulate ancient books, and the cleaning effectiveness of PVA-EG hydrogels was evaluated
on glue layers of different thicknesses and we confirmed the feasibility of this approach.
This optimizing method offers a new gentle, efficient, and controllable technique for cultural
heritage preservation.

2. Materials and Methods
2.1. Materials

Polyvinyl alcohol (PVA, 96.0-98.0% hydrolysis degree) and ethylene glycol (EG, analyt-
ical grade) were used directly in the experiments without further purification. Fluorescent
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dye (europium nitrate solution) was used to simulate the book surface and to prepare
fluorescent animal glue.

2.2. Preparation of PVA-EG Hydrogel

PVA-EG hydrogels were prepared by the low-temperature freeze-thaw cycling method
and solvent exchange technique. First, PVA particles of different concentrations (6%, 8%,
10%, 12%) were dissolved in a mixture of deionized water and ethylene glycol (mass ratio
of 4:6), and stirred continuously at 90 °C until the PVA was fully dissolved. The solution
was then poured into Petri dishes and frozen at —24 °C for 24 h, followed by thawing
at room temperature for 4 h. To guarantee the formation of a stable hydrogel structure,
the freeze-thaw process was repeated three times. A 10% PVA hydrogel was prepared
following the same method. After the freeze-thaw cycles, the PVA-EG hydrogel was
immersed in deionized water for 24 h, changing the water every 3 h to replace the EG.

2.3. Characterization Techniques

The crystalline structure of PVA hydrogel samples was analyzed using an X-ray
diffractometer (Empyrean, PANalytical, Almelo, The Netherlands). The testing range was
from 10° to 80° (20) with a scanning speed of 2°/min, using a Cu K, radiation source
(A = 1.5406 A). The FTIR spectra of the hydrogel samples were recorded using a Fourier-
transform infrared spectrometer (IRPrestige-21, Shimadzu, Kyoto, Japan) over a scanning
range of 3750-750 cm !, with an attenuated total reflectance (ATR) accessory. The ATR
accessory used a zinc selenide (ZnSe) crystal to ensure good contact with the sample surface
and obtain high-quality spectral data. The surface wettability and hydrophilicity of PVA
hydrogel samples with different concentrations were tested using a contact angle measuring
instrument (DSA100, Kriiss GmbH, Hamburg, Germany). Each hydrogel sample was tested
three times to ensure the repeatability of the measurements, thereby evaluating the surface
wettability and hydrophilicity of the samples. Tensile tests of the PVA hydrogel samples
were conducted using a universal testing machine (Instron 3365, Instron Corporation,
Boston, MA, USA) in accordance with ASTM D638 standards. The sample dimensions
were 12 mm in width, 50 mm in length, and 5 mm in thickness, and the tensile test loading
speed was set to 5 mm/min. Each sample was tested three times, and the average values
were recorded. The viscoelastic properties of the PVA hydrogel samples were tested in the
shear mode using a dynamic mechanical analyzer (DMA 242 E Artemis, Netzsch, Stuttgart,
Germany). The test conditions included a frequency of 1 Hz and a temperature range from
30 °C to 50 °C, with a heating rate of 2 °C/min.

2.4. Fluorescent Animal Glue Removal Experiment
2.4.1. Preparation of Fluorescent Animal Glue

To simulate the animal glue layers found in book restoration and to determine the
optimal concentration of a fluorescent marker, experiments were conducted to evaluate the
effect of various concentrations of europium nitrate (Eu(NO3)3) on fluorescence intensity.
In total, 10 g of animal glue granules was added to 90 mL of deionized water and heated to
60 °C in a water bath with continuous stirring until fully dissolved. Then, the europium
nitrate solution was added to the animal glue solution to prepare 0.1%, 0.2%, 0.4%, 0.6%,
0.8%, and 1.0% (w/v) europium nitrate solutions. The fluorescence spectra of the europium
nitrate animal glue solutions at different concentrations were measured using a fluorescence
spectrophotometer. In this study, fluorescence measurements were conducted using a
steady-state and transient fluorescence spectrometer (FLS1000, Edinburgh Instruments,
Livingston, UK), with an excitation wavelength set at 318 nm and an emission scanning
range of 550-750 nm.

2.4.2. Preparation of Simulated Samples

The prepared europium nitrate fluorescent animal glue solution was evenly coated
onto 5 cm x 5 cm filter paper with thicknesses of 5 um, 10 um, 20 um, and 50 um by using
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a blade coater. After coating, the samples were dried at 25 °C in a constant-temperature
and -humidity chamber for 24 h to ensure full curing of the glue layer.

2.4.3. Animal Glue Removal Experiment on Simulated Samples

PVA hydrogels were cut into 5 cm x 5 cm sheets with a thickness of 5 mm and placed
over the fluorescent animal glue layer. An infrared heating lamp (150 W) was placed about
10 cm above the hydrogel, and the temperature was controlled at 45 °C. The removal time
was adjusted according to the thickness of the glue layer. At each removal time point, the
fluorescence spectrum of the sample was measured with a fluorescence spectrophotometer,
and the removal efficiency was assessed based on changes in fluorescence intensity.

2.4.4. Animal Glue Removal Experiment on Book Samples

To verify the feasibility of PVA hydrogels in real-world book restoration, we selected
a page adhered with animal glue for the experiment. The thickness of the animal glue
layer on the book page was measured using a high-precision thickness gauge, and the
appropriate removal method was selected based on the thickness. The method followed
the fluorescent animal glue removal experiment. At each time point, the surface of the book
page was measured using a Fourier-transform infrared spectrometer (FTIR) to evaluate the
removal effectiveness.

3. Results and Discussion
3.1. Crystal Structure Analysis

Figure 1 shows the changes in diffraction peaks of PVA-EG hydrogel samples with
different concentrations. All samples exhibited a distinct diffraction peak at around 19.4°,
corresponding to the (101) crystal plane of PVA, indicating that the introduction of EG did
not disrupt the crystal structure of PVA [41]. In contrast, the addition of EG effectively
promoted the orderly arrangement of PVA segments, further improving the crystalline
structure of the samples. Notably, in the 10% and 12% PVA-EG samples, the intensity and
sharpness of the diffraction peaks were significantly enhanced compared to other samples.
This can be attributed to the formation of additional hydrogen bonds due to the presence
of EG, which strengthened the intermolecular interactions between PVA chains, thereby
promoting a more ordered molecular arrangement.
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Figure 1. XRD patterns of PVA-EG hydrogel samples at various concentrations.
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3.2. Chemical Structure Characterization

Figure 2 illustrates the changes in FTIR absorption peaks of PVA-EG hydrogel sam-
ples at various concentrations. The results show that the O-H stretching vibration peak
(3300 cm~!) was gradually broadened and the intensity was decreased as the concentration
of EG increased. This suggests that the addition of EG can weaken the hydrogen bonding
interactions between PVA molecular chains by inserting itself between the PVA segments.
The O-H peak in the pure PVA sample is more distinct, indicating a relatively dense hy-
drogen bond network [42]. In samples with higher PVA content, more PVA molecular
chains can form hydrogen bonds with EG molecules, which partially inhibits the complete
hydrolysis of PVA and retains the acetyl (-O-C=0) groups; however, the change in the C=O
signal was not significant [43]. Additionally, changes in the absorption peak were observed
around 1700 cm~!. According to the study of Tretinnikov, the carbonyl absorption peak
in PVA can reflect changes in molecular arrangement. One of the peaks in the doublet
may correspond to the carbonyl groups in PVA molecules, while the other may result from
interactions between EG and PVA, possibly forming a new hydrogen bond network and
leading to a more ordered arrangement of PVA segments [42].
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Figure 2. FTIR analysis of PVA-EG hydrogels at different concentrations.

3.3. Surface Wettability Analysis

Figure 3 illustrates the changes in the wettability of PVA-EG hydrogels at various
concentrations. The pure PVA sample had a larger initial contact angle, and the contact
angle decreased slowly over time, indicating poor surface wettability and relatively weak
water absorption capacity. This could be attributed to the stronger hydrogen bonding
between pure PVA molecular chains, causing tighter molecular packing and less exposure
of hydrophilic groups, thus reducing interaction with water molecules. With the increase
in the EG, the contact angle of the hydrogel gradually decreased, and the wettability
significantly improved. Particularly in the 10% and 12% PVA-EG samples, the water
droplets spread significantly at 0.1 s and were almost fully absorbed after 0.4 s with
the contact angle approaching 0. This indicates that the introduction of EG significantly
improved the hydrophilicity and water absorption capacity of the PVA hydrogel. EG
molecules formed new hydrogen bonds with PVA molecular chains, increasing the polarity
of the hydrogel and the density of hydrophilic groups. This change in structure increased
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the surface free energy of the hydrogel, facilitating interactions with water molecules and
accelerating water absorption and penetration. During heating, the hydrogel with excellent
water absorption can release more moisture, maintaining the glue layer in a hydrated state
and further improving the removal efficiency.
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Figure 3. Contact angle measurement results of PVA-EG hydrogel samples at different concentrations:
(a) 10% pure PVA hydrogel, (b) 6% PVA-EG hydrogel, (c) 8% PVA-EG hydrogel, (d) 10% PVA-EG
hydrogel, (e) 12% PVA-EG hydrogel.

3.4. Mechanical Property Testing

Figure 4 illustrates the stress—strain curves of PVA-EG hydrogels with various concen-
trations. The results indicate that the mechanical properties of the hydrogel significantly
improve with the addition of EG, particularly in samples with higher PVA concentrations.
Specifically, the 6% PVA-EG hydrogel has good flexibility with a maximum strain of about
150%, but its mechanical strength is low with a maximum stress of only 0.05 & 0.003 MPa,
limiting its use in applications requiring mechanical support. The 8% PVA-EG hydrogel
strikes a good balance between rigidity and flexibility, with a maximum strain of 120%
and a maximum stress of 0.08 £ 0.005 MPa, showing significant improvement over the
6% concentration. For the 10% PVA-EG hydrogel, its mechanical strength was notably
improved, reaching a maximum stress of 0.12 4= 0.009 MPa while maintaining a maximum
strain of around 110%. This balance between strength and ductility allows it to effectively
tackle stubborn animal glue without causing excessive stress concentration on the book
surface. The 12% PVA-EG hydrogel exhibited the strongest mechanical strength, with
a maximum stress approaching 0.15 £ 0.011 MPa and a strain of 150%, demonstrating
excellent strength and ductility. However, its relatively low flexibility could pose a risk
of damaging fragile surfaces when working with delicate substrates. The 10% PVA-EG
hydrogel demonstrated the best mechanical properties, providing sufficient strength to
remove stubborn animal glue while maintaining moderate flexibility, effectively meeting
various complex book restoration needs.
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Figure 4. Stress—strain curves of PVA-EG hydrogels at different concentrations.

3.5. Dynamic Mechanical Analysis (DMA)

Figure 5 shows the viscoelastic behavior of PVA-EG hydrogels at different concen-
trations in the temperature range of 30 °C to 50 °C. The 6% PVA-EG hydrogel exhibited
the lowest E” value across the entire temperature range, especially when the temperature
exceeded 45 °C, where E” dropped to 0.003 £ 0.0001 MPa, indicating lower elasticity and
insufficient structural rigidity. In contrast, the E” value of the 8% PVA-EG hydrogel was
0.009 & 0.0004 MPa at 45 °C, indicating the elasticity with slight improvement compared to
the 6% PVA-EG. The tan 6 value was 0.05, suggesting a better balance with viscoelasticity,
but the elasticity at high temperatures was still low, making it suitable for more moderate
removal applications. The 10% PVA-EG hydrogel exhibited a relatively high and stable
E’ value from 30 °C to 50 °C with an E” value of 0.012 £ 0.0005 MPa at 45 °C, indicating
excellent elasticity and mechanical performance. The tan 6 value remained below 0.10,
indicating a good balance between viscosity and elasticity with minimal energy dissipation.
The E’ value of the 12% PVA-EG hydrogel was 0.013 £ 0.0005 MPa at 45 °C, showing
relatively good elasticity, but its tan 6 value reached 0.30, indicating a significant increase in
the viscous component and energy dissipation, which may lead to a decrease in mechanical
performance during high-temperature operations. The 10% PVA-EG hydrogel achieved an
optimal balance between the storage modulus and loss factor, combining high elasticity
with low energy dissipation, making it suitable for applications requiring structural sta-
bility and mechanical performance under high-temperature conditions, especially in the
removal of animal glue.
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Figure 5. Viscoelastic behavior of PVA-EG hydrogels at different concentrations in the temperature range
of 30 °C to 50 °C. (a) Loss factor tan & of PVA-EG hydrogels; (b) Storage modulus E’ of PVA-EG hydrogels.
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3.6. Analysis of Fluorescent Animal Glue Removaling Results
3.6.1. Optimization of Europium Nitrate Concentration and Its Effect on Fluorescent Labeling

Figure 6 illustrates the impact of various europium nitrate concentrations on the
fluorescence intensity of animal glue. The results show that the fluorescence intensity first
increased and then decreased with the increase in europium nitrate concentration. The
fluorescence intensity peaked at a concentration of 0.4%. When the concentration exceeded
0.4%, the fluorescence intensity dropped significantly, indicating a concentration quenching
effect. The position of the fluorescence emission peak remained stable at all concentrations,
indicating that the concentration changes primarily affected fluorescence intensity, not
emission wavelength. Therefore, 0.4% (w/v) europium nitrate was selected as the optimal
concentration for fluorescent labeling, providing a strong and stable fluorescence signal for
subsequent experiments.
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Figure 6. Effect of different europium nitrate concentrations on fluorescence intensity of animal glue.

3.6.2. Removal Efficiency of Simulated Animal Glue Layers by PVA-EG Hydrogel

Figure 7 shows the removal efficiency of PVA-EG hydrogel on fluorescent-labeled
animal glue of different thicknesses. The results show that the fluorescence intensity
rapidly decreased for thin glue layers (5 and 10 um), reaching baseline levels within 12
min and 20 min, respectively, indicating that the glue layers were effectively removed.
This indicates that the water in the hydrogel can quickly penetrate, soften, and dissolve
the thin glue layers. For medium-thickness glue layers (20 pm), the fluorescence intensity
significantly decreased within 24 min, and the fluorescence signal was almost eliminated,
suggesting that most of the animal glue had been removed. For thicker glue layers (50
um), the fluorescence intensity dropped significantly, nearing baseline levels after 36 min
of treatment, indicating that most of the animal glue had been removed. These experiments
demonstrate that the PVA-EG hydrogel is effective in removing animal glue layers of
various thicknesses with the removal efficiency inversely proportional to the thickness of
the glue layer.
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Figure 7. Removal efficiency of PVA-EG hydrogel on fluorescent-labeled animal glue layers of
different thicknesses. (a) Fluorescence intensity changes for the 5 um glue layer; (b) Fluorescence
intensity changes for the 10 um glue layer; (c) Fluorescence intensity changes for the 20 um glue
layer; (d) Fluorescence intensity changes for the 50 um glue layer.

3.6.3. Application of PVA-EG Hydrogel in Removal of Animal Glue from Book Pages

To assess the practical effectiveness of the PVA-EG hydrogel, we applied it to remove
a 35 um thick animal glue layer from the pages of a book. During the removal process, we
used FTIR to monitor the change in the glue layer, focusing on the characteristic absorption
peaks of the animal glue—amide I (1650 cm~!) and amide IT (1550 cm~!). Figure 8 illustrates
the effectiveness of the PVA-EG hydrogel in removing animal glue from book pages. The
results showed that the intensity of the amide peak gradually weakened and disappeared
with the increase in treatment time. After 12 min of treatment, the intensity of the amide
peak decreased significantly, indicating that part of the adhesive layer had been removed.
At 24 min, the amide peak disappeared almost completely, indicating that most of the
animal glue had been removed. After 30 min, the amide peak had completely disappeared,
and the infrared spectrum matched that of the untreated paper substrate, confirming
that the adhesive layer had been fully removed. These results demonstrate that PVA-EG
hydrogels can efficiently remove animal glue from book pages within a relatively short
time, and the removal efficiency improves with increasing treatment time.
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Figure 8. The effect of PVA-EG hydrogel on the removal of animal glue from book pages.
3.6.4. Mechanism of Animal Glue Removal by PVA-EG Hydrogel

From a theoretical perspective, the mechanism of efficient animal glue removal by
PVA-EG hydrogel can be attributed to the synergistic effect of its molecular structure
and interfacial physicochemical properties. The addition of EG plays a key role in the
hydrogel system by regulating hydrogen bonding between PVA molecular chains, which
significantly improves the crystallinity and mechanical properties of the material. EG
enhances the flexibility of PVA molecular chains by forming new hydrogen bonds and
enables the hydrogel to conform to complex surfaces, ensuring close coverage of the
animal glue surface during application. The addition of EG also significantly improved the
hydrophilicity of the hydrogel, enhancing its water transfer capacity. This characteristic
allows water to quickly penetrate the animal glue layer, promoting its hydrolysis and
softening. The mechanical stability of the hydrogel structure was strengthened by the
regulation of EG, enabling the PVA-EG hydrogel to maintain prolonged effective contact
during operation, ensuring the continuity and thoroughness of the removal process.

4. Conclusions

This study employed various methods, including XRD, FTIR, contact angle measure-
ments, a universal tensile testing machine, and DMA, to explore the potential application
of PVA-EG hydrogels in gently removing animal glue from book surfaces. The addition
of EG improved both the crystallinity and mechanical properties of the hydrogel by mod-
ulating hydrogen bonding interactions among PVA molecular chains. The XRD analysis
revealed that as crystallinity increased, the crystal structure of PVA-EG hydrogels became
more organized. Notably, the 10% PVA-EG hydrogel achieved an optimal balance be-
tween mechanical strength and flexibility. The FTIR analysis further illustrated that EG
facilitated rearrangement and flexibility within the molecular chains, thereby enhancing
both mechanical stability and removal efficiency of the hydrogel. A combined analysis
using DMA tests and stress—strain curves demonstrated that PVA-EG hydrogels possess
excellent energy storage capacity and viscoelastic balance across varying temperatures.
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Specifically, the 10% PVA-EG hydrogel maintained stable elasticity and strength even at
elevated temperatures while also exhibiting commendable extensibility with low energy
dissipation. Overall, our results suggest that the PVA-EG hydrogel can effectively yet
gently remove glue layers in a relatively short time frame. The introduction of EG into
this formulation successfully achieved a harmonious balance among removal efficiency,
mechanical performance, and viscoelasticity.
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Abstract: The development of energy-efficient, sensitive, and reliable gas sensors for monitoring NO,
concentrations has garnered considerable attention in recent years. In this manuscript, TiO, nanotube
arrays/reduced graphene oxide nanocomposites with varying rGO contents (TiO, NTs/rGO) were
synthesized via a two-step method for room temperature NO, gas detection. From SEM and TEM
images, it is evident that the rGO sheets not only partially surround the TiO, nanotubes but also
establish interconnection bridges between adjacent nanotubes, which is anticipated to enhance
electron-hole separation by facilitating electron transfer. The optimized TiO, NTs/rGO sensor
demonstrated a sensitive response of 19.1 to 1 ppm of NO,, a 5.26-fold improvement over the undoped
TiO, sensor. Additionally, rGO doping significantly enhanced the sensor’s response/recovery times,
reducing them from 24 s/42 s to 18 s /33 s with just 1 wt.% rGO. These enhancements are attributed
to the increased specific surface area, higher concentration of chemisorbed oxygen species, and the
formation of p-n heterojunctions between TiO, and rGO within the nanocomposites. This study
provides valuable insights for the development of TiO, /graphene-based gas sensors for detecting
oxidizing gases at room temperature.

Keywords: TiO, nanotubes; reduced graphene oxide; NO, gas sensing; nanocomposites; room
temperature sensors

1. Introduction

As a harmful air pollutant, nitrogen dioxide (NO;) has been responsible for significant
environmental issues, including acid rain and photochemical smog, which pose serious
risks to human health [1,2]. Therefore, the on-line and real-time monitoring of NO; leakage
is crucial for protecting both public health and environmental safety. The development of
energy-efficient, sensitive, and reliable gas sensors for monitoring NO, concentrations has
obtained considerable attention in recent years [3-5]. Metal oxides are well known for their
excellent adsorption capacity, catalytic activity, and thermodynamic stability and are widely
utilized in gas sensor applications [6]. Numerous metal oxides have been investigated as
potential gas sensors, including ZnO, SnOy, InyO3, WO3, Fe; O3, and TiO, [6-12]. However,
the performance of NO, gas sensors based on metal oxides remains unsatisfactory due to
several limitations, such as high operating temperatures, elevated energy consumption,
and poor reproducibility [13,14]. Notably, most metal oxide gas sensors require operation
at high temperatures ranging from 200 to 400 °C. This not only makes them unsuitable
for detecting gases that may contain explosive substances but also poses cost challenges
for commercial applications. The prolonged response and recovery times, along with the
low sensitivity at room temperature, represent significant bottlenecks for the practical
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applicability of TiO,-based gas sensors. To address these issues, it is essential to incorporate
or integrate TiO, with hybrid nanocomposite materials such as graphene compounds and
metal nanoparticles. This approach has been widely regarded as an effective strategy to
enhance gas sensing performance.

Due to the introduction of oxygen functional groups and surface defects that serve as
active sites for gas adsorption, graphene oxide (GO) and reduced graphene oxide (rGO)
are increasingly recognized as suitable materials for room temperature gas sensing [15].
However, due to the limitations in gas sensor fabrication associated with the low defect
density of graphene, numerous researchers have sought to develop gas sensors utilizing
reduced graphene oxide (rGO), which possesses a higher defect density [16,17]. The de-
velopment of low cost, transparent, and flexible rGO-based sensors for detecting harmful
gases at very low concentrations is significantly important yet still challenging [18]. The
TiO, nanoparticles/reduced graphene oxide (TiO, NPs/rGO) composite demonstrated a
significant gas response (~14.9%), which is 4.57 times higher than that of pristine counter-
parts, along with excellent selectivity, high sensitivity, rapid response and recovery times,
as well as remarkable repeatability towards nitrogen dioxide (NO,) at a concentration of
100 ppm at room temperature [19]. The anti-humidity sensing performance of Pt/GO/TiO,
is improved by increasing the thickness of the GO interlayer. Remarkably, the diode with
a GO areal loading of 0.969 mg cm ™2 exhibits a response retention rate (Rrros9,/Rary) of
nearly 100% at 298 K [20]. A variety of high-performance and low-temperature gas sensors
based on rGO hybrids have been reported. A straightforward one-pot microwave-assisted
hydrothermal method has been employed to synthesize SnO, /rGO composites, resulting
in a significant reduction in the response and recovery times from 39.2/54.7 min to just
6.5/1 min, with an impressive detection limit as low as 50 ppb [21]. Under UV irradiation
from an LED, a sensor utilizing graphene/TiO, nanoparticles demonstrated a detection
limit of approximately 50 ppb for NO, at room temperature [22]. NO, gas sensors based
on a ZnO-rGO hybrid showed improved sensitivity and faster response and recovery
times [23]. Furthermore, a low-operating-temperature NO, gas sensor based on rGO/SnS,
has shown remarkable selectivity and reversibility towards NO,, achieving a low detection
limit of 0.6 ppm with a response rate of 9.8% at 80 °C [24]. Moreover, when exposed
to 1 ppm NO, at room temperature, CuO/rGO hybrids displayed a sensitive response
quantified at around 14 [25].

In this manuscript, we fabricated a highly efficient room temperature NO, sensor
utilizing TiO;, nanotubes/reduced graphene oxide (TiO, NTs/rGO) nanocomposites. In
addition, the fabricated gas sensor exhibits a highly sensitive response and excellent
selectivity towards NO; gas, and the mechanism underlying the gas sensing performance
was also investigated.

2. Experimental Details
2.1. Synthesis of Materials

All chemical reagents were of analytical grade (Beijing Chemical Co., Ltd., Beijing,
China) and utilized without further purification. TiO, nanotube arrays were synthesized
through the anodization of titanium foil (99.99%) at a voltage of 45 V for a duration of
2 h. The electrolyte was composed of ethylene glycol (99.99%), 0.3 M ammonium fluoride
(NH4E, 99%), and 2 vol% water (H,O). Following anodization, the samples were annealed
at 400 °C for 2 h, after which they were sonicated for 30 min and subjected to another round
of annealing for 2 h. Then, the samples were removed from the bath and allowed to dry
at room temperature for 1 h before being further annealed at 600 °C for 2 h in a furnace
under air atmosphere. Subsequently, the samples were immersed in a solution containing
3-aminopropyl triethoxysilane and ethanol, followed by refluxing at 80 °C for 2 h. The TiO,
nanotubes were then thoroughly rinsed with ethanol and deionized water before being
dried at room temperature. The reduction of graphene oxide (GO) into reduced graphene
oxide (rGO) was accomplished by exposing GO suspension to UV radiation for 1 h. The
electrostatic interaction between positively charged nanotubes and negatively charged rGO
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facilitates the adhesion of graphene derivatives onto the surface of the nanotubes [26]. The
theoretical weight percentages of rGO within the TiO, NTs/rGO nanocomposites were
calculated to be approximately 0.5 wt%, 1 wt%, and 3 wt%. For clarity, these TiO, NTs/rGO
nanocomposites will henceforth be referred to as containing either 0.5 wt%, 1 wt%, or 3 wt%
rGO in subsequent figures. Figure 1a displays a schematic of the synthesis process.

(a) TiO2 nanotube arrays S U
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45V for 2 hours ”
Ultrasonic treatment
annealed
S
at 400°C for 2h

at 400°C for 2h again
annealed
anodic oxidation \\to dry for 1 hour

p “ theroughly rinsed \
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* — -~ = ~r T
[ e ]

dried at RT at 80°C for 2
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\ pr—,
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Figure 1. Schematic of synthesis process (a) and photograph of NO, detection testing system (b).

2.2. Characterization

The energy dispersive spectrometry (EDS) and field emission scanning electron mi-
croscopy (FESEM) images were acquired using a JEOL JSM-7500F microscope operating at
15 kV (JEOL, Japan). For the X-ray powder diffraction (XRD) analysis, we utilized X-ray
diffractometer (XRD; D8, Karlsruhe, Germany) at a scanning rate of 0.02 s~1. The Raman
spectroscopy analysis was performed using the RENISHAW INVIA Micro-Raman spec-
trometer (Renishaw, UK). The X-ray photoelectron spectroscopy (XPS, Kratos XSAMS800,
Kratos Ltd., Manchester, Britain) was used to examine the chemical bonding states with Mg
K; excitation. Transmission electron microscopy (TEM) and high-resolution transmission
electron microscopy (HR-TEM) were conducted on a JEOL JEM-2100F microscope oper-
ating at an accelerating voltage of 200 kV. The specific surface area was estimated using
the Brunauer-Emmett-Teller (BET) (BET, 3H-2000ps4, China) equation based on nitrogen
adsorption isotherms, following prior degassing of the sample under vacuum at 120 °C.

2.3. Fabrication and Measurement of the Gas Sensor

The photograph and structure of the NO, detection equipment are presented in
Figure 1b [27,28]. The fabrication process can be described as follows: First, a suitable
amount of the as-grown TiO, NTs/rGO powder was thoroughly mixed with deionized
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water to create homogeneous slurry. This slurry was then carefully coated onto an alumina
tube using a small brush to form a sensing film. A pair of Au electrodes was installed at
each end of the tube, with each electrode connected to a pair of Pt wires. After allowing
it to dry in air at room temperature, the device underwent annealing at 200 °C for 2 h
to eliminate any residual water. Finally, a Ni-Cr alloy coil was inserted into the alumina
ceramic tube to serve as a heater. The operating temperature is controlled by adjusting the
heating current supplied to the ceramic heater. The response of the sensor is defined as
S =Rg/Ra, where R, and Rg represent the electrical resistance of the gas sensor in air and
in NO,, respectively. The response time or recovery time was defined as the time taken for
90% resistance variation.

3. Results and Discussion
3.1. Structural and Morphological Characteristics

Figure 2 presents the XRD patterns of the TiO, NTs/rGO nanocomposites synthesized
with varying rGO contents. The XRD pattern for undoped TiO, nanotubes displays very
sharp diffraction peaks, all of which can be confidently assigned to the anatase TiO, phase
(JCPDS Card No. 21-1272). It is important to note that the incorporation of reduced
graphene oxide does not alter the original crystal structure of TiO,. All diffraction peaks in
the nanocomposites are observed at nearly identical 26 positions when compared to those
of undoped TiO,. However, with an increase in rGO doping, there is a noticeable decrease
in the intensity of the diffraction peaks for TiO; NTs/rGO nanocomposites, which can be
attributed to an excess formation of nucleation centers [29]. Additionally, it is interesting to
observe from the XRD pattern of TiO, NTs/rGO with an rGO content of 3 wt.% that a weak
peak appears between 23° and 26°, which corresponds to the (002) plane of rGO [30,31].

800 . :

600 -

Intensity (a. u.)

10 20 30 40 50 60 70 80
26 (degree)
Figure 2. XRD patterns of TiO, NTs/rGO nanocomposites grown with different rGO contents.

As illustrated in Figure 3a, the TiO, nanotubes are characterized by vertically arranged
structures with an average diameter ranging from approximately 80 to 120 nm. For the
TiO, NTs/rGO nanocomposites with rGO concentrations of 0.5 and 1 wt.%, graphene
sheets are not distinctly visible in Fig. 3b and 3c. However, for those with rGO contents of
3 wt.%, it is evident that the rGO sheets not only partially surround the TiO; nanotubes
but also establish interconnection bridges between adjacent nanotubes (Figure 3d). This
connectivity through the rGO layer is anticipated to enhance electron-hole separation by
facilitating electron transfer from TiO,. In addition, electrons traveling along the graphene
layer may interact with adsorbed NO, molecules as well. To confirm the presence of
graphene within these composites, we conducted an EDS analysis on samples with a rGO
content of 3 wt.%. The EDX spectrum presented in the inset of Figure 3d reveals peaks
corresponding to titanium (Ti), oxygen (O), and carbon (C) elements.
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Figure 3. SEM images of TiO, NTs/rGO nanocomposites with rGO contents of 0 wt.% (a), 0.5 wt.%
(b), 1 wt.% (c), and 3 wt.% (d), respectively. Inset of Figure 3d shows the EDX spectrum of TiO,
NTs/rGO nanocomposites with rGO contents of 3 wt.%. The red circles in Figure 3d illustrate the
structure of rGO surrounding the TiO; nanotubes.

As can be seen in the TEM images shown in Figure 4a,b, there is no significant differ-
ence in diameter and length between TiO, nanotubes and TiO, NTS/rGO nanocomposites.
To gain deeper insights into the nature of the interface, we conducted HR-TEM analysis,
with the corresponding image presented in Figure 4d. When compared to the undoped
TiO; nanotubes shown in Figure 4c, it becomes evident that thin layers are wrapped around
the outer surface of the TiO; nanotubes, indicating successful modification by rGO. The
observed lattice spacing of 0.35 nm for the TiO, nanotubes corresponds to the (110) orienta-
tion of anatase phase TiO,. The layer material in contact with TiO, is rGO, which forms a
close-contact interface with the surface of these nanotubes, which is believed to facilitate
electron transmission. However, it is important to note that any observed inhomogeneity
within the nanocomposites may arise from limitations associated with chemical processes
or reaction times, or the sample preparation method for TEM.

3.2. Raman and XPS Characteristics

The Raman spectra of TiO, NTs/rGO nanocomposites, as illustrated in Figure 5, reveal
two prominent peaks corresponding to the D and G bands of graphene. The G band
provides valuable information regarding the in-plane vibrations of sp? bonded carbon
atoms [32], while the D band is associated with some sp3 defects present in rGO [33].
The characteristics of Raman modes of anatase phase appeared at 146, 400, 518, and
636 cm™! for pristine TiO,, and these peaks are well matched with Eg, Blg, Alg + Blg, and
Eg modes of the anatase TiO;, phase [34]. As depicted in Figure 5, the G band for TiO,
NTs/rGO composites appears at 1597 cm !, which is quite close to that of pristine graphene
(1580 cm™1). The slight red shift observed in the G band for TiO, N'Ts/rGO nanocomposites
compared to GO (1591 cm ') suggests a restoration of the 7-7 systems within graphene
during the chemical reaction. Additionally, it is widely recognized that the Ip/Ig ratio
serves as a valuable indicator of crystal quality within graphite structures. Our calculations
indicate that the Ip/Ig ratio for 3 wt.% TiO, NTs/rGO (1.26) exceeds that of 0.5 wt.%
TiO; NTs/rGO (1.14), signifying a stronger D band signal and thus confirming successful
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incorporation of rGO into these nanocomposites. Additionally, spectral characteristics
suggest an increase in defect point density on the resulting rGO sheets, which may serve as
ideal adsorption—desorption sites for TiO, nanotubes [31].

Ti0, NI$//GO

el R

. TiO, nanotubes AL, TiO, NTs

Figure 4. TEM (a,b) and high-resolution TEM (c,d) images of TiO, nanotubes (a,c) and TiO, NTs/rGO
nanocomposites (b,d) with rGO contents of 1 wt.%.
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Figure 5. Raman spectra of TiO2 NTs/rGO nanocomposites with different rtGO contents.

The chemical states of the elements were carefully analyzed using XPS and are il-
lustrated in Figure 6. The sharp peaks observed in the full scan spectra indicate a clear
presence of C, O, and Ti elements for TiO, NTs/rGO nanocomposites. The TiO, NTs/rGO
nanocomposite with a rGO content of 1 wt.% exhibits the best gas sensing performance.
Therefore, we selected this sample for XPS characterization. In Figure 6b, the Ti 2p3,, and
Ti 2pq /, peaks are located at binding energies of 458.9 and 464.8 eV, which correspond to
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the values for Ti** in TiO, [35]. As shown in Figure 6¢, the high-resolution C 1s peak was
accurately fitted with three distinct components. The binding energy at 284.3 eV, 285.1 eV,
and 287.5 eV can be attributed to C-C bonds (sp? hybridized carbon) from rGO, C-O-Ti
bonds and O-C=0 species, respectively [36]. The fitted peak at 285.1 eV corresponding
to the C-O-Ti bond further confirms that a chemically bonded heterostructure has indeed
formed between TiO, NTs and rGO [37]. This heterostructure facilitates close contact be-
tween TiO, nanotubes and rGO, thereby promoting effective electron transfer. In Figure 6d,
we present the high-resolution XPS spectrum for O 1s, which can be resolved into three
Gaussian peaks representing different types of oxygen species. The three peaks can be
respectively attributed to oxygen vacancy in defective TiO,, lattice oxygen species (Ti-O
bands), and chemisorbed or dissociated oxygen species (C=0) [38]. The increase in oxygen
vacancies within defective TiO, suggests that there are more active sites available in the
TiO, NTS/rGO nanocomposites, which is advantageous for gas adsorption and reaction.
Additionally, the rise in C=0O bonds in these nanocomposites indicates that the oxygen
species adsorbed on the surface can participate effectively in surface redox reactions, lead-
ing to significant changes in sensor resistance. Therefore, by incorporating rGO, the TiO,
NTs/rGO nanocomposite demonstrates a remarkable ability to adsorb ionized oxygen,
contributing to its potential for high-performance gas sensing applications [39].
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Figure 6. XPS spectra of TiO, NTs/rGO nanocomposite with rGO contents of 1 wt.%. (a) Full scan.
(b) Ti 2p. (c) C 1s. (d) O 1s.

3.3. Gas Sensing Properties

The relationship between the response and NO; concentration for the sensor based
on TiO, NTs/rGO nanocomposites at room temperature is illustrated in Figure 7. It can
be observed that the response increases with NO; concentration, ranging from 1 ppm to
50 ppm. Notably, the TiO, NTs/rGO nanocomposite with contents of 1.0 wt.% exhibited
the highest response value, reaching an impressive 138 at a NO, concentration of 50 ppm.
The limit of detection was determined to be 1 ppm, and it is worth mentioning that the
sensor demonstrated a remarkable response of 19.1 for just 1 ppm NO, when utilizing the
TiOy NTs/rGO composite with rGO contents of 1.0 wt.%.
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Figure 7. The response value of the sensor based on TiO; NTs/rGO composites vs. NO, concentration
at room temperature.

The response and recovery curves of the sensor to 20 ppm NO, are presented in
Figure 8. The calculated response/recovery times are as follows: 24 s/42 s for TiO; nan-
otubes, 23 5/34 s for TiO; NTs/rGO (0.5 wt.%), 18 s/33 s for TiO, NTs/rGO (1 wt.%), and
20s/35 s for TiOy NTs/rGO (3 wt.%). It is evident that the sensors based on the 1 wt.% rGO
doped TiO, NTs/rGO exhibit a significantly faster response time. However, it is worth
noting that the response time tends to increase with higher doping amounts of rGO. The rel-
ative filling and partial binding of TiO, nanotubes due to rGO doping positively influence
gas permeation into the sensing layer as well as electron transfer from TiO, to graphene,
which may contribute to a quicker reduction in resistance. Nevertheless, an increase in tGO
doping can lead to agglomeration, which reduces the active sites available for gas molecules
and consequently diminishes resistance charge. The room temperature NO, gas sensing
performances of TiO; NTs/rGO were compared with previous metal-semiconductor ox-
ide/rGO nanocomposites. In Table 1, we can see that in low concentration detection and
response/recovery time, TiO, NTs/rGO exhibited better gas sensing performance than
most of the previously reported composites.

Table 1. Comparison of the RT NO, gas sensing performances of our device with those reported in
previous literature.

. Working Response Response/Recovery

Ref. Device Structure Target Gas Temperature (°C) (%)/ppm Time (s)
[3] rGO/CeO, NO, RT 8.2/25 180/260
[4] In; O3,rGO NO, RT 8.25/30 165/235
[5] Graphene/ZnO NO, 300 9.5/50 145/248
[40] TiO; NPs/rGO NO, RT 14.9/100 124/182

This .
TiO, NTs/rGO NO, RT 19.1/1 185/33's

work

The selectivity of gas sensors is another crucial parameter for real-time applications.
As illustrated in Figure 9, the sensor utilizing TiO, NTs/rGO composites (1 wt. %) demon-
strated an impressive response to NO,, with its value being at least four times greater
than that observed for other test gases. This behavior regarding CO, H,S, and H; can
be attributed to the low operating temperature and relatively low concentration of the
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detected gases [41]. Based on these findings, it is evident that the sensor employing TiO;
NTS/rGO nanocomposites exhibits superior performance in detecting low concentrations
of NO, at lower temperatures compared to other detection gases.

To 20 ppm NO, at RT
120
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§ 40f
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Figure 8. The dynamic response transients of the sensor based on TiO, NTs/rGO nanocomposites to
20 ppm NO; at room temperature.
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Figure 9. Response of the sensor based on TiO, NTs/rGO nanocomposites to 50 ppm of C;HsOH,
CH30H, Hy, NH3, H,S, and NO; at room temperature.

The repeatability and long-term stability of the sensor were investigated, providing
crucial parameters for practical applications. The long-term stability of the sensors based
on TiO, nanotubes (NTs) and TiO, NTs/reduced graphene oxide (rGO) nanocomposites in
response to 1 ppm NO; at room temperature is illustrated in Figure 10. The sensor utilizing
TiO, NTs/rGO (1 wt.%) exhibited a stable response of 17.2 (17.2 &= 0.3) for 1 ppm NO; at
room temperature, demonstrating excellent long-term stability.
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Figure 10. Long-term stability of the sensor based on TiO, NTs and TiO, NTs/rGO nanocomposites
to 1 ppm of NO, at room temperature.

3.4. Gas Sensing Mechanism of TiO, N'15/rGO Nanocomposites

The sensing principle of resistance is fundamentally based on the changes in sensor
resistance, which occurs due to variations in charge carriers and is closely linked to the
amount of chemically adsorbed substances present on the surface of metal oxides. In the
case of n-type TiO,, Oy molecules from the atmosphere are adsorbed onto its surface and
subsequently transform into O, O, ~, and O%~ by capturing electrons from TiO,. However,
when NO;, is introduced, its chemical adsorption further reduces conductivity through an
electron capture effect. We have observed that incorporating rGO can significantly enhance
the conductivity of these sensors, thereby improving their gas sensing performance at room
temperature. As illustrated by the I-V curves shown in Figure 11, it becomes evident that
the TiO, NTs/rGO nanocomposite exhibits much lower resistance compared to undoped
TiO, nanotubes, which indicates a notable improvement in charge transfer performance.
Moreover, with an increase in active sites such as vacancies, defects, and oxygen functional
groups, we expect a significant improvement in both the gas adsorption and diffusion rates
of NO, molecules on these active surfaces.

40 ' : ' v
= TiO, NTs | S
+— TIO, NTS/rGO (0.5 wt.%) /./
20 —*—TiO, NTs/rGO (1 wt.".@) /
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Figure 11. I-V curves of the sensor based on TiO, NTs/rGO nanocomposites with different rGO contents.

Another mechanism contributing to the enhancement of the sensor can be attributed
to the formation of a p-n heterojunction between n-type TiO, and p-type rGO. The close
contact between these two distinct semiconductor materials allows for the alignment of

125



Nanomaterials 2024, 14, 1844

their Fermi energy levels at the interface, which typically results in charge transfer and the
establishment of a charge depletion layer. Figure 12a illustrates the energy band diagrams
for TiO; nanotubes, rGO, and their corresponding TiO, NTs/rGO nanocomposites. The
work function for TiO, NTs is approximately 5.1 eV, while that of rGO is around 4.42 eV.
Upon forming the TiO, /rGO heterojunction, an electron accumulation region develops on
the surface of TiO, NTs. This charge transfer creates a potential barrier at the heterojunction,
leading to bending in both vacuum energy levels and energy bands. The initial electron
transfer from TiO, to graphene generates a surface depletion region on TiO,, resulting
in increased resistance. In ambient air conditions, where no barriers exist between TiO,
NTs and graphene, electrons can flow freely from TiO, NTs to graphene. However, upon
exposure to NO; gas, there is an increase in potential barrier height at the interfaces between
n-type TiO; NTs and p-type rGO, which makes electron transfer from p-type graphene to
n-type TiO, NTs more challenging and ultimately leads to an increase in sensor resistance

(Figure 12b).
(a) Ty TiO,NTs
10,NT5 GO Bt e mmm e oim
Eyac Ewic 99 ro: 0 ‘,mcwueaev b rGO  Eyye
________ — Lo} e
- S ic] g < g e £l =
id S7 HES At equilibrium © & 58
> S R HES 2 o[ 5 :
%D CB H Rl 5 Ecg—— =2
= =] F Y h 4
&3] EF = EF
EVBﬁ

(b)

Q)TiOZ > Q)Graphene

=)

NO - —

’ a9 7102-99 Graphenello. GS:W‘ O O Q

N OEE U CRRAR R

TiO,NTs GO

Figure 12. Energy band diagrams for TiO, NTs, rGO and TiO, NTs/rGO heterostructure, where Eyp,
Er, Ecg, Evac represent valence band, Fermi level, conduction band, and vacuum level, respectively.
(a) The energy band diagrams for TiO, nanotubes, rGO, and their corresponding TiO, NTs/rGO
nanocomposites. (b) Schematic illustration of electron transfer and sensing mechanism of TiO,
NTs/rGO nanocomposites.

4. Conclusions

In summary, TiO, nanotube arrays modified by rGO nanosheets were successfully
synthesized using a straightforward two-step method. The SEM images reveal that the
rGO layer not only partially enveloped the TiO, nanotubes but also established a close
connection between adjacent nanotubes, thereby enhancing the efficiency of electron—hole
separation. The gas sensing properties of the TiO; NTs/rGO nanocomposites demonstrated
high sensitivity to NO, at low operating temperatures, characterized by an enhanced
response, relatively short recovery time, and excellent selectivity. The improved gas
sensing performance can be attributed to the formation of a p-n heterojunction between
n-type TiOp and p-type rGO. Furthermore, due to the presence of rGO sheets, the rate of
gas adsorption and diffusion on the active surface of TiO; NTs/rGO nanocomposites was
significantly facilitated by an increased number of active sites.
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Abstract: In this study, Gd,O3 and Yb,O3 co-doped YSZ (GYYSZ) ceramic coatings were prepared via
atmospheric plasma spraying (APS). The GYYSZ ceramic coatings were subjected to heat treatment
at different temperatures for 5 h to analyze their high-temperature phase stability and sintering
resistance. The thermophysical properties of GYYSZ, YSZ, and composite coatings were compared.
Three types of thermal barrier coatings (TBCs) were designed: GYYSZ (TBC-1), YSZ/GYYSZ (TBC-2),
and YSZ/Composite/GYYSZ (TBC-3). The failure mechanisms of these three TBCs were investigated.
The results indicate that both the powder and the sprayed GYYSZ primarily maintain a homogeneous
cubic phase ¢-ZrO;, remaining stable at 1500 °C after annealing. The sintering and densification of
the coatings are influenced by the annealing temperature; higher temperatures lead to faster sintering
rates. At 1500 °C, the grain size and porosity of GYYSZ are 4.66 um and 9.9%, respectively. At
1000 °C, the thermal conductivity of GYYSZ is 1.35 W-m~! K~1, which is 44% lower than that of
YSZ. The thermal conductivity of the composite material remains between 1.79 W-m~! K~! and
1.99 W-m~! K~! from room temperature to 1000 °C, positioned between GYYSZ and YSZ. In the
TBC thermal shock water quenching experiment, TBC-3 demonstrated an exceptionally long thermal
shock lifetime of 246.3 cycles, which is 5.8 times that of TBC-1 and 1.8 times that of TBC-2. The
gradient coating structure effectively reduces the thermal mismatch stress between layers, while the
dense surface microcracks provide a certain toughening effect. Failure analysis of the TBC reveals
that TBC-3 exhibits a mixed failure mode characterized by both spallation and localized peeling. The
ultimate failure was attributed to the propagation of transverse cracks during the final stage of water
quenching, which led to the eventual spallation of the ceramic blocks.

Keywords: thermal barrier coating; GYYSZ; atmospheric plasma spraying; phase stability; anti-sintering
behavior; composite gradient coating; thermal shock resistance

1. Introduction

Gas turbines are the core power equipment in thermal energy systems, widely used in
electricity generation, marine, locomotive, and transportation sectors [1]. Currently, the
inlet gas temperature for G/H class gas turbine stage 1 blades has reached 1370—1450 °C,
while J class turbines experience inlet temperatures as high as 1600 °C [2]. TBC technology
involves depositing materials with low thermal conductivity and phase stability at a high
temperature onto the surface of high-temperature alloys, protecting the substrate from
thermal damage. YSZ is widely utilized in gas turbines and aero engines due to its excellent
thermal cycling performance, high melting point, and low thermal conductivity [3,4].
However, with industrial advancements, the shortcomings of YSZ have become apparent;
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it easily undergoes phase transformations, severe sintering, and oxidation when operating
above 1200 °C. This not only diminishes the heat-insulating property of the coating but
also alters internal stresses, leading to eventual spallation [5-8]. To achieve higher thermal
efficiency in gas turbines, traditional YSZ TBCs are increasingly inadequate for elevated
temperature demands, necessitating the development of new thermal barrier coatings with
superior performance for more complex environments.

Doping YSZ with rare earth oxides can significantly enhance its thermophysical
properties [9,10]. Research has found that doping with materials such as CeO;, Yb,Os3,
Er,O3, and Gd,Oj3 could reduce the YSZ coating’s thermal conductivity effectively. The
reason for this is the differences in ionic radii between the dopants and Zr**, which generate
a greater number of oxygen vacancies and an increased concentration of lattice defects.
Such changes enhance phonon scattering, thereby lowering thermal conductivity [11,12].
Partial substitution of Zr** with rare earth or alkaline earth oxides forms a substituted
solid solution, which helps stabilize the tetragonal phase of ZrO,, allowing the material to
maintain phase stability [13,14]. Because of the variations in mass and ionic radius between
rare earth oxides and Zr** or Y3*, they can create a multi-point dislocation-complexing
effect. This not only enhances the mechanical properties, sintering resistance, and stability
of the materials but also improves the thermal cycling lifetimes of TBCs [15,16]. Chen [17]
and Lei [18] prepared Yb,O3-Gd,O3 co-doped YSZ coatings of varying thicknesses using
the APS method. Incorporating rare earth oxides can form an impermeable reaction layer,
enhancing the thermal stability and corrosion resistance of YSZ, with multiple doping
effects proving to be more effective [19-21]. Chen’s investigation of LGYYSZ revealed
that the increased number of oxygen vacancies and defects, along with the mismatch
in mass and size between these defects and the matrix lattice, diminished the average
phonon mean free path. Consequently, the thermal conductivity of LGYYSZ ceramics
at 1000 °C was recorded at 1.21 W-m~!-K~!, which is roughly 40% lower than that of
YSZ. YbGdZrO ceramics sintered for 400 h at 1723 K exhibited no new phase formation
and demonstrated excellent thermal stability [15]. The arithmetic average of the thermal
diffusivity for YbGdZrO bulk at 1273 K was found to be 0.385 mm?/s, which is comparable
to that of GdyZr,Oy ceramics (0.388 mm? /s at 1273 K) [22].

Nevertheless, these materials frequently demonstrate relatively low thermal expan-
sion coefficients and inadequate mechanical properties. To address these shortcomings,
extensive research and improvements have been made regarding TBCs in recent years. In
addition to the typical bilayer thermal barrier coating structure, studies have also explored
bilayer ceramic structures and functionally graded thermal barrier coatings. Bilayer ce-
ramic coatings not only enhance the working temperature of the coatings but also extend
their service life. Wang [23] used APS to prepare YSZ bilayer coatings and La,Zr,O7/8YSZ
bilayer ceramic coatings. Experimental results showed that in the 1000 °C water quenching
thermal cycling test, the bilayer structure failed at 46 times, while the bilayer ceramic
thermal barrier coating reached 158 cycles. In the 1200 °C water quenching thermal cycling
test, the thermal shock lifetimes were 7 and 43 cycles, respectively, significantly enhancing
thermal shock performance. Xu [24] employed the EB-PVD to fabricate La,Zr,O;/8YSZ
bilayer ceramic coatings, investigating their cyclic oxidation behavior. To further improve
the interfacial bonding among the components, functionally graded thermal barrier coat-
ings (FGTBCs) were designed. Numerical simulations have indicated that FGTBCs exhibit
significantly enhanced thermal shock lifetimes [25,26]. Portinha [27] designed a porosity
gradient structure, achieving over 100 cycles in thermal shock tests. Chen [28] conducted
performance studies on LayZr,O;/8YSZ, finding that the gradient coatings significantly
outperformed traditional bilayer structures in thermal shock resistance. Additionally,
Chen [29] developed an LMA /YSZ functionally graded TBC system. Experimental results
indicated that at 1350 °C, the gradient coating exhibited a more durable thermal shock
lifetime. Although the introduction of gradient structures has improved the thermal shock
resistance and extended the service life of TBCs, the complexity of the gradient struc-
ture fabrication process poses challenges in accurately controlling the gradient profiles.
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Thus, there remains significant room for development in the research of gradient structure
thermal barrier coatings.

GYYSZ is a promising new TBC material. Research on GYYSZ gradient thermal barrier
coatings is still limited. This study employed APS technology to fabricate GYYSZ ceramic
coatings, investigating their high-temperature phase stability and sintering resistance at
various annealing temperatures. Bulk ceramics were produced through hot pressing, and
the thermophysical properties, including the thermal conductivity and thermal expansion
coefficients of GYYSZ, YSZ, and composite materials, were tested and evaluated. Three
TBC structures were designed and fabricated: bilayer structures, bilayer ceramic structures,
and functionally graded structures. The thermal shock resistance of these three TBCs
was assessed through water quenching thermal shock experiments, exploring the failure
mechanisms of each structure from the perspective of crack development.

2. Materials and Methods

The thermal barrier coating substrate material selected for this experiment is the
718 nickel alloy. Its dimensions are ¢ 25 mm X 5 mm. The sprayed powder has a
micrometer-scale particle size. The bonding layer of NiCrAlY uses commercial pow-
der Amdry 962 from Oerlikon Metco, Vista, NSW, Australia, with the composition of
Ni-22Cr-10Al-1.0Y. The ceramic layers consist of YSZ (ZrO;-8Y,03, Metco 204NS, Oerlikon
Metco) and GYYSZ (ZrO,-9.5Y,03-5.6Yby,03-5.2Gd, O3, Metco 206A, Oerlikon Metco). The
composite coating is prepared by mixing YSZ and GYYSZ powders in a mass ratio of 1:1,
with the composite powder created through ball milling prior to spraying. To investigate
the high-temperature phase stability and sintering resistance of GYYSZ, coatings were
sprayed onto 304 stainless steel and subjected to multiple water quenching processes to
obtain independent ceramic layers. For assessing the thermophysical properties of the
coating materials, ceramic bulk samples of YSZ, GYYSZ, and composite structures were
fabricated using ball milling and hot pressing, with dimensions of ¢ 12.7 x 1 mm and
¢ 6 x 25 mm. The coatings were prepared using the Multicoat System plasma spraying
system from Oerlikon Metco. Due to the varying characteristics of different powders,
experimental parameters listed in Table 1 were selected for this study after consulting the
relevant literature and conducting multiple experimental adjustments [30,31]. The designs
of the three TBC structures are illustrated in Figure 1. The number of samples sprayed
using the same spraying process is 9.

(a)TBC-1 (b)TBC-2 (¢)TBC-3
GYYSZ

120pm

GYYSZ

GYYSZ

Composite coating [gE¥{URY

YSZ
YSZ - 120pm

Bond Coat Bond Coat Bond Coat - 120pm
Substrate Substrate Substrate

Figure 1. The schematic diagrams of the TBC structures: (a) bilayer; (b) bilayer ceramic; (c) function-

ally graded ceramic.

Table 1. Spray parameters for the NiCrAlY bond coat and the TBCs.

Parameters NiCrAlY Bond Coat YSZ Coat GYYSZ Coat Composite Coat
Current (A) 600 550 600 600
Primary Gas Flow (Ar, L-min—1) 46 32 58 58
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Table 1. Cont.

Parameters NiCrAlY Bond Coat YSZ Coat GYYSZ Coat Composite Coat
Secondary Gas Flow (H2, L-min—1) 6 8 16 12
Feed Rate (g-minfl) 84 64 46 59
Spray Distance (mm) 90 90 70 80
Step Size (mm) 4 2 2 2
Spray Gun Traverse Speed (mm-s~1) 1000 1000 1000 1000

Phase analysis was conducted using a BRUKER D8 X-ray diffractometer (XRD) with
Cu target Ko radiation (A = 1.5418 A) at 40 kV and 40 mA. The 26 scanning range was set
from 20° to 90°, with a scanning speed of 5°/min and a step size of 0.02°. The surface
and cross-sectional morphology of the coatings, as well as the elemental composition,
were observed using a Zeiss GeminiSEM 300 field emission scanning electron microscope
(SEM) (Zeiss, Jena, Germany) and a HITACHI S-3400N tungsten filament SEM (Hitachi,
Tokyo, Japan), equipped with an energy dispersive X-ray spectrometer (EDS). In the BSE
mode of the SEMs, 10 random positions were selected at 500 x magnification to observe
morphology, and the images were processed using Image] software (Image] 1.54i) to
calculate the porosity of the samples. Ten points were chosen for statistical analysis, with
the average value representing the final porosity of the coating. Within Image], five random
lines were drawn on SEM grain images at 5000 x magnification to measure the true lengths
and count the grains intercepted by the lines, allowing for the calculation of average grain
size. Thermal conductivity and thermal expansion coefficients of the coating materials
were tested using a Netzsch LFA 457 laser flash apparatus and a DIL 402CL dilatometer
(Netzsch, Selb, Germany).

Samples were heat-treated using a Nabertherm N61/H atmosphere furnace (Nabertherm,
Lilienthal, Germany). The thermal shock testing method for the TBCs involved pho-
tographing and weighing TBC-1, TBC-2, and TBC-3 before the experiment. Once the
furnace temperature reached 1150 °C, the furnace door was quickly opened to insert the
samples, which were held for 5 min. The samples were then rapidly removed and plunged
into 25 °C deionized water for quick cooling, soaking for 2 min. After drying, the samples
were photographed and weighed again, completing one cycle. This procedure was repeated
until a 20% coating delamination was observed, defining the number of cycles at which
this occurred as the thermal shock life. Three samples were taken for each set of TBC
parameters to undergo thermal shock and water quenching tests. and the average value
calculated from these tests represented the average thermal shock life.

3. Results and Discussion
3.1. Microstructural and Property Analysis of GYYSZ Coating

Figure 2 presents the macroscopic photograph, surface morphology, and the EDS
elemental distribution map of the sprayed GYYSZ ceramic coating. In Figure 2a, the
coating surface appears to be smooth and milky white, matching the color of the ceramic
powder. Figure 2b shows no obvious spherical structure of the GYYSZ ceramic powder,
indicating that the particles melted in the high-temperature environment of APS. The
magnified view reveals two distinct areas on the coating surface: a smooth, fully molten
region and a semi-molten region where ceramic powder remains partially unmelted. The
height difference between the semi-molten and fully molten regions is due to the varying
kinetic energy of the powder particles as they are propelled by the high-speed flame flowing
from the nozzle. This variation affects their final state upon impact with the substrate or
coating. Ceramic powders with a higher degree of melting exhibit liquid characteristics
upon impact, causing them to splash and spread out, forming a layered coating. This type
of coating is fully molten and demonstrates good density and adhesion to the substrate.
However, during the deposition of these coatings, quenching stresses can occur, leading
to the formation of microcracks, as illustrated in Figure 2c. In contrast, ceramic powders
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with a lower degree of melting tend to bond and stack upon impact with the substrate or
may fall off, resulting in increased porosity in the coating. The EDS elemental mapping
conducted at the position indicated in Figure 2b reveals that the elements Gd, Yb, Y, and Zr
are uniformly distributed throughout the GYYSZ ceramic coating.

S

=

Figure 2. (a) The GYYSZ ceramic coating macroscopic photograph; (b,c) the surface morphology;
and the EDS mapping.

Figure 3 presents the XRD patterns of YSZ and GYYSZ in their powdered forms,
their as-sprayed states, and following heat treatment at various temperatures. It can
be seen from Figure 3a that the YSZ ceramic powder and coating primarily consist of
the metastable tetragonal phase t'-ZrO,, with the powder state containing a significant
amount of monoclinic phase m-ZrO, [17]. In the sprayed state, the intensity of the m-ZrO,
characteristic peaks is reduced due to the phase transformation of the ceramic powder
at the high temperatures of APS, leading to the formation of t'-ZrO,. The rapid cooling
after spraying restricts the phase transformation from t’ to t to m. Figure 3(al) displays the
XRD patterns of the YSZ coating following heat treatment at various temperatures. After
treatment at 1100 °C, the m-ZrO; phase in the sprayed YSZ coating gradually disappears.
However, after heat treatment, a new phase of Y,O3 appears at approximately 20 ~ 29°,
indicating that some of the stabilizer Y,O3 precipitates from the YSZ above 1100 °C. After
heat treatment at 1300 °C, the monoclinic phase m-ZrO, reappears at approximately 20
~ 28°, suggesting that a partial phase transformation of the t' phase in YSZ has occurred.
The phase transformation of t'-ZrO, at high temperatures results in the formation of a
three-phase mixture, which includes a Y-poor tetragonal phase ZrO; [32], a Y-rich cubic
phase c-ZrO,, and a tetragonal phase ZrO,. Among them, the Y-poor tetragonal phase ZrO,
has a higher tetragonality and is less able to maintain its metastable structure, gradually
transforming into the monoclinic phase as the temperature decreases. The Y-rich c-ZrO; is
retained, which explains the presence of the diffraction peak for c-ZrO, at approximately
20 =~ 74° in the XRD pattern of YSZ after heat treatment at 1300 °C. To assess the extent
of phase transformation in YSZ after heat treatment at 1300 °C, the XRD patterns in the
range of 20 = 72.5°-75° were analyzed, as shown in Figure 3(a2). In this range of diffraction
angles, the ZrO, lattice exhibits only the tetragonal and cubic phases. The t'-ZrO, features
characteristic peaks at (004) and (400). In this analysis, curve fitting of the diffraction
patterns allows for the determination of peak integral intensities, which can then be used
to calculate the molar ratio of cubic ZrO; to tetragonal ZrO;. By combining the integral
intensities of the monoclinic and tetragonal phases in the range of 20 = 27.5°-32°, the
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contents of each ZrO, phase in YSZ after heat treatment at 1300 °C can be calculated using

Formulas (1)-(3).
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Figure 3. (a) The XRD patterns of the YSZ powder and coating; (al) the XRD patterns of the YSZ
ceramic coating after heat treatment for 5 h at different temperatures; (a2) the XRD patterns and
fitting curves in the 26 = 72.5°-75° range of the YSZ coating after heat treatment at 1300 °C; (b) the
XRD patterns of GYYSZ in the sprayed state and powder state; (b1) the XRD patterns of the GYYSZ

ceramic coating after heat treatment for 5 h at different temperatures.

Mm, M, and M; represent the molar fractions of the monoclinic, cubic, and tetragonal
phases, respectively, while I denotes the integral intensities of the corresponding character-

134



Nanomaterials 2024, 14, 1787

istic peaks. After calculations, the contents of cubic c-ZrO; and tetragonal t-ZrO, in YSZ
treated at 1300 °C were found to be 9.12% and 18.52%, respectively.

Figure 3b shows the XRD patterns of GYYSZ in powder form, in its sprayed state,
and after heat treatment at different temperatures. The diffraction peak angles of the
sprayed GYYSZ shifted approximately 0.1° towards higher angles, indicating that the
GYYSZ coating has a smaller lattice constant compared to the powder form.

2dsin® = nA 4)

The refractive index n and wavelength A are constant, and the diffraction angle 0
increases as the interplanar spacing d decreases. GYYSZ involves the substitution of Zr
sites in the ZrO; lattice by Y3+, Gd?*, and Yb?* ions. The ionic radii of Y3+, Gd3*, Yb3*,
and Zr** are shown in Table 2, where r(Gd>") > r(Y3*) > r(Yb%*) > r(Zr*"). Doping ZrO,
with these three rare earth cations leads to lattice distortion, resulting in an increase in
interplanar spacing. At approximately 20 ~ 29.2°, a weak Y,0Oj3 diffraction peak appears,
indicating the presence of trace Y,O3 precipitation. This further confirms that the overall
shift to higher angles in the sprayed state is due to the precipitation of rare earth cations
during the spraying process. Figure 3(b1) shows the XRD patterns of the coating after
heat treatment. After treatment at 1500 °C for 5 h, the phase structure of GYYSZ remains
consistent with the sprayed state, which is the c-ZrO,. This indicates that GYYSZ exhibits
better high-temperature structural stability compared to YSZ materials.

Table 2. The ionic radii of the four cations in GYYSZ [33].

Ionic Y3+ Gd* Yb3* Zrtt
Tonic radii (nm) 0.102 0.105 0.099 0.084

Figure 4 shows the surface morphology images of GYYSZ coatings after heat treatment
at different temperatures. As illustrated, the surface of the GYYSZ coating distinctly exhibits
a distribution of semi-melted ceramic powder particles and fully melted ceramic layers,
which is evident throughout the entire heat treatment process. The semi-melted region
is rough and distinctly granular, with a scattering of various-sized pores. In contrast,
the fully melted region is smooth and even, featuring a certain number of microcracks.
These microcracks are a result of residual stresses induced during the cooling process after
spraying. Due to the relatively low fracture toughness of GYYSZ ceramics, microcracks can
initiate in the coating under the influence of residual stress. The unmelted nanoparticles in
the coating are shown in Figure 4(S1). The nanoparticles exhibit a regular shape, mostly
consisting of irregularly sized polyhedra. After heat treatment at different temperatures
for 5 h, the shapes of the nanoparticles are depicted in Figure 4(52-56), where the edges
of the nanoparticles gradually become rounded, and the bonding rate between the layers
increases. Comparing the sintering behavior of GYYSZ coatings at various temperatures
ranging from 1100 °C to 1500 °C, the sintering process gradually intensifies. Above 1300 °C,
some microcracks progressively disappear during sintering.

Figure 5 illustrates the grain distribution of GYYSZ coatings following heat treatment
at various temperatures. In the as-sprayed state, no visible grains are present in the GYYSZ
coating. Slight sintering occurs, and grains can be observed to be bonding to each other,
after heat treatment at 1100 °C. The grain size grows, the grain texture becomes clearer,
and the number of microcracks diminishes with increasing heat treatment temperature.
Table 3 presents the grain sizes of GYYSZ coatings following heat treatment at various
temperatures. At 1100 °C, the coating begins to sinter, and the average grain size is 840 nm.
As the temperature increases, the grain size gradually enlarges, and at 1500 °C, significant
sintering occurs, with the average grain size reaching 4657 nm, which is 5.5 times the grain
size at 1100 °C.
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Figure 4. The surface morphology images of GYYSZ coatings after heat treatment for 5 h: (a) as-
sprayed; (b) 1100 °C; (c) 1200 °C; (d) 1300 °C; (e) 1400 °C; and (f) 1500 °C.
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Figure 5. The grain distributions of GYYSZ coatings after heat treatment for 5 h: (a) as-sprayed;
(b) 1100 °C; (c) 1200 °C; (d) 1300 °C; (e) 1400 °C; (f) 1500 °C.
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Table 3. The changes in grain size of GYYSZ coatings after heat treatment at different temperatures.

Temperature (°C) 1100 1200 1300 1400 1500
Average grain size (nm) 843 991 1353 1721 4657

Figure 6 depicts the cross-sectional images of GYYSZ coatings following heat treatment
at various temperatures. As seen in Figure 6a, the high-temperature sintered coatings
exhibit significant porosity. In the cross-section, pores combine with microcracks, forming
extensive porous regions. The interior of the pores has a rough texture, with some partially
unmelted ceramic powder particles present. These pores result from the stacking of
incompletely melted powder during the spraying process. The number of microcracks
is relatively reduced, and the coating exhibits slight sintering, but the pore diameter has
not significantly changed, in Figure 6b. This indicates that, in the initial stage of sintering,
the contact area between particles increases. As the heat treatment temperature rises, the
pore diameter decreases, the roundness of the pores improves, and the irregular pores
gradually develop into holes. At 1300 °C, the porosity of the coating significantly decreases,
and the degree of densification increases, indicating that the densification has entered
a quasi-steady state. In the final stage of sintering, the large pores in the coating begin
to shrink until the holes close. At this stage, the sintering process is primarily driven
by sintering stress caused by surface tension, and it lasts for a relatively long time [34].
Table 4 presents the cross-sectional porosity of GYYSZ coatings following heat treatment.
As seen in the table, when the treatment temperatures are 1300 °C, 1400 °C, and 1500 °C,
the porosities are 10.5%, 11.5%, and 9.9%, respectively. These porosity values are lower
than those of the coatings after heat treatment at 1100 °C and 1200 °C under the same
annealing time, indicating that higher sintering temperatures accelerate the densification
process of the coatings [35]. The porosity no longer decreases at 1300 °C, suggesting that the
GYYSZ coating has entered a quasi-steady state of densification. A certain level of porosity
is beneficial for reducing phonon-mediated heat transfer, thereby lowering the thermal
conductivity of the coating. The fact that the coating maintains a certain porosity even
at 1500 °C indicates that GYYSZ has good sintering resistance and maintains structural
stability at elevated temperatures.

100pm 100pum 100pm

Figure 6. The cross-sectional morphology of GYYSZ coatings after heat treatment at different
temperatures: (a) as-sprayed; (b) 1100 °C; (c) 1200 °C; (d) 1300 °C; (e) 1400 °C; (f) 1500 °C.

Table 4. The porosity of GYYSZ coatings in the as-sprayed state and after heat treatment for 5 h.

Temperature (°C) As-Sprayed 1100 1200 1300 1400 1500
Porosity (%) 21 14.8 13.1 10.5 11.5 9.9
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3.2. Design and Performance Study of Gradient Thermal Barrier Coatings

As noted in Section 3.1, GYYSZ exhibits excellent high-temperature anti-sintering ca-
pability and high-temperature phase stability, making it a thermal barrier coating material
with great development potential. However, the considerable difference in thermal expan-
sion coefficients in GYYSZ and the bonding layer can lead to significant thermal stresses
developing within the coating during thermal cycling. When thermal stresses within the
coating accumulate to a critical level, they can trigger the initiation and propagation of
cracks, jeopardizing the lifespan of the coating. This study designed a composite coating
consisting of a 1:1 weighted percentage mixture of YSZ and GYYSZ as an intermediate layer,
facilitating thermal expansion transition and improving the thermal cycling durability of
the coating.

Figure 7 shows the curves of the thermal conductivity and the thermal expansion
coefficient for YSZ, GYYSZ, and the composite material as a function of temperature. All
three materials exhibit higher thermal conductivity at low temperatures and lower thermal
conductivity at high temperatures, which aligns with the phonon scattering model. At
elevated temperatures, increased phonon scattering reduces the average phonon mean
free path, resulting in a decrease in the thermal conductivity of the samples. The ther-
mal conductivity of YSZ is higher than that of GYYSZ and the composite material across
the entire temperature range from room temperature to 1000 °C. YSZ’s thermal conduc-
tivity continuously decreases with increasing temperature, with a maximum value of
3.03 W-m~! K~! at room temperature and a minimum of 2.39 W-m~! K~ at 1000 °C.
This is approximately 4/5 higher than the thermal conductivity of GYYSZ at the same
temperature (1.35 W-m~! K~!). The introduction of more dopant ions in GYYSZ creates a
greater number of oxygen vacancies, which affects the average free path of phonons [36].
The thermal conductivity of the composite material falls between that of YSZ and GYYSZ.
Similarly to GYYSZ, the thermal conductivity of the composite material follows a trend
of initially increasing, then decreasing, and rising again as the temperature increases. At
200 °C, the thermal conductivity of the composite material reaches its maximum value of
1.99 W-m~! K=, and at 700 °C, it reaches its minimum value of 1.79 W-m~! K~L. After
that, the thermal conductivity gradually increases. This increase in thermal conductivity at
higher temperatures is due to the densification of the sample at that temperature. At the
same temperature, the minimum thermal conductivity of the composite material is still
about 1/5 higher than that of GYYSZ. Overall, the thermal conductivity of the composite
material remains between 1.79 W-m~! K~! and 1.99 W-m~! K~! from room temperature
to 1000 °C, lying between the thermal conductivities of YSZ and GYYSZ. Figure 7b shows
the curve of the thermal expansion coefficient for YSZ, GYYSZ, and the composite mate-
rial as a function of temperature. In the temperature range of 100—1200 °C, the thermal
expansion coefficient of the composite material increases with rising temperature. Below
300 °C, its value rapidly increases from 7.05 x 107¢ K~! to 10.27 x 10~ K~!. In con-
trast, the thermal expansion coefficient of YSZ increases only slightly in the 100—300 °C
range, from 9.33 x 107K~ ! t0 10.88 x 10~° K~1. This indicates that YSZ has a slower
rate of increase in its thermal expansion coefficient, leading to a more gradual growth in
thermal strain. This more stable behavior during cooling helps to effectively reduce the
generation of thermal stress, thereby lowering the likelihood of coating delamination and
failure during thermal shock [37]. At temperatures ranging from 100 to 800 °C, the thermal
expansion coefficients follow the order of YSZ > composite material > GYYSZ. At 800 °C,
the thermal expansion coefficients of the composite and YSZ become similar, approximately
10.7 x 107 K~1. As the temperature increases, the thermal expansion coefficient of the
composite increases in sync with GYYSZ. Therefore, the composite material can be used
as an intermediate layer to bridge GYYSZ and YSZ, facilitating a transition in thermal
expansion coefficients among the components of the thermal barrier coating and addressing
the issue of thermal mismatch caused by the low thermal expansion coefficient of GYYSZ.
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Figure 7. (a) The thermal conductivity; (b) the thermal expansion coefficient for YSZ [38], GYYSZ,
and the composite material.

Figure 8 shows the cross-sectional images of three different TBCs prepared using APS
technology. GYYSZ is deposited on the top layer of the TBC. TBC-1 serves as the control
group without a transition layer. In TBC-2 and TBC-3, YSZ acts as the transition layer.
This is because YSZ has a relatively high thermal expansion coefficient and is deposited
between the GYYSZ and the bonding layer (NiCrAlY) to establish a thermal expansion
coefficient transition. In TBC-3, a composite coating is sprayed between the YSZ and
GYYSZ layers, further enhancing the transition in thermal expansion coefficients. Figure 8a
shows the cross-sectional microstructure and localized elemental distribution of TBC-1.
The thickness of the GYYSZ layer is approximately 360 um. The GYYSZ layer contains a
significant number of pores and cracks, with the cracks predominantly oriented vertically.
The porosity is about 20.97%. The metallic bonding layer and NiCrAlY are well-melted,
and the interface between the ceramic layer and the bonding layer is distinct, with the
boundary appearing as an irregular curve. This irregularity helps increase the contact
area between the ceramic and bonding layers, thereby enhancing the bonding strength.
Nevertheless, because of the significant porosity of the GYYSZ layer, pores are also present
at the interface edges, which may affect the bonding strength. From the EDS elemental
mapping results, it can be observed that the distribution of Gd, Yb, Y, and Zr elements
is uniform. The GYYSZ top layer has a thickness of approximately 120 um and the YSZ
intermediate layer is around 240 pum thick in Figure 8b. The porosity of the as-sprayed
YSZ layer is about 7.59%, and transverse microcracks are primarily distributed within the
coating. The interface between the bonding layer and the ceramic layer is clearly defined,
indicating good adhesion. However, it is difficult to distinguish the boundary between
GYYSZ and YSZ in the SEM images due to their similar compositions and contrast. By
performing an EDS elemental mapping on the selected region S2, the boundary between
the coatings can be observed, showing that GYYSZ contains higher concentrations of Gd
and Yb, while YSZ has a higher Zr content. Figure 8c shows the SEM image of the graded
thermal barrier coating and the corresponding local EDS element distribution. It can be
observed that the thickness of the three ceramic layers is approximately 120 um. There are
a certain number of pores in the cross-section of both the GYYSZ and composite layers, and
the GYYSZ top layer exhibits some vertical cracks. EDS mapping of the S3 region reveals
an alternating distribution of GYYSZ and YSZ within the composite layer. Additionally,
the interfaces between the ceramic layers are clearly visible, with the boundary lines being
irregular and winding, showing no significant cracks, indicating good bonding between
the layers of the graded thermal barrier coating.
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Figure 8. The cross-sectional SEM images and EDS element distribution maps for (a) TBC-1; (b) TBC-2;
and (c) TBC-3.

Figure 9 illustrates the average thermal shock times of the three types of TBCs. The
average thermal shock time is the shortest for TBC-1, at just 42.3 cycles. In contrast, TBC-2
shows a significant increase in thermal shock time, reaching an average of 136.3 cycles,
which is 3.2 times that of TBC-1. This indicates that the dual-ceramic layer structure offers
significantly better thermal shock resistance. Due to the low thermal expansion coefficient
of GYYSZ, thermal mismatch occurs between the ceramic layer and the bonding layer
in TBC-1. Depositing a layer of YSZ between GYYSZ and the bonding layer, the higher
thermal expansion coefficient of YSZ at mid to low temperatures generates less thermal
stress during thermal cycling compared to TBC-1, thereby extending the thermal cycling
times of the coating. The average thermal shock time of TBC-3 is 246.3 cycles, nearly six
times that of TBC-1 and 80% more than TBC-2. This indicates that adding a transition layer
can significantly enhance the thermal shock lifespan of the TBC. The thermal shock test
results show that modifying the compositional gradient of the TBC structure can enhance
its thermal shock lifespan. Furthermore, adding a transition layer in coatings prone to
thermal mismatch can create a gradient in thermal expansion coefficients, significantly
improving thermal shock resistance.
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Figure 9. Average thermal shock times of three different structural TBCs.

Figure 10 shows photographs of the three types of TBCs during thermal cycling
experiments at different times of cycles, focusing on four stages: at the as-sprayed stage,
at initial spalling, during ongoing spalling, and at thermal shock failure. The TBC failure
mode is mainly in the form of ceramic layer peeling. TBC-1 exhibits large-scale spalling of
the ceramic layer; TBC-2 shows failure in the center area with a failure area reaching 20%;
TBC-3 demonstrates spalling failures at both the edges and the center of the ceramic layer.
As shown in Figure 10(al-a4), TBC-1 shows small spalling at the edges of the ceramic layer
after 13 thermal shock cycles. As the number of cycles increases, the spalled area gradually
enlarges, and by the 38th cycle, large areas of the ceramic layer have spalled off, displaying
a gray color, leading to the termination of the experiment. When TBC-1 has completely
failed, neither TBC-2 nor TBC-3 show any signs of ceramic layer spalling. However, after
46 thermal cycles, as shown in Figure 10(b2), visible spalling areas appear on the surface of
TBC-2, with the rate of ceramic spalling increasing rapidly. Following an additional 9 water
quenching cycles, the spalled area reaches 7.6% (Figure 10(b3)). Subsequently, the spalling
rate decreases, and the spalled area slowly increases with the number of thermal shock
cycles, ultimately failing after the 153rd cycle. Figure 10(c2-c6) show the spalling process of
TBC-3. After 116 thermal quenching cycles, small spalling areas appear at the center of the
coating, with the spalled area expanding slowly as the number of thermal cycles increases.
After 156 thermal shock cycles, spalling is observed at the edges, but by the 179th thermal
cycle, the spalled area still accounts for less than 1%. TBC-3 fails after 313 thermal shock
cycles, and the failure modes of the two failure regions are similar to those of TBC-2.

Figure 10. Macro photographs of three TBCs after varying times of thermal cycles: (al-a4) TBC-1;
(b1-b5) TBC-2; (c1-c6) TBC-3.
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Figure 11 shows images of TBC-1 failure. As seen in Figure 11(al), the surface of the
fallen layer exhibits cracks. This occurs during heating, where the high thermal expansion
coefficient of the bonding layer exerts compressive stress on the ceramic layer, while
during cooling, the ceramic layer experiences tensile stress. In the thermal shock cycling
experiment, the coating experiences a repetitive cycle of tensile and compressive stresses,
which induces the initiation, and propagation of microcracks. After the ceramic layer
of TBC-1 delaminates, the exposed area appears gray, indicating that the delamination
occurs near the interface between GYYSZ and the bonding layer. The EDS elemental
mapping results for the failed regions are shown in Figures 11(b1) and 12(b2). The surface
of the failed area is rough, and the EDS analysis indicates that, in addition to Gd, Yb, Zr,
and Y, there is a significant presence of Ni, Cr, and Al elements in the areas where Zr is
missing. Ni, Cr, and Al are the main components of the bonding layer. This suggests
that the failure of the coating occurred at the interface between the ceramic layer and the
bonding layer. Figure 11c shows the cross-sectional view of TBC-1 after failure. The coating
surface has lost most of its ceramic layer due to thermal shock, as seen in Figure 11(c1).
Although no through-thickness transverse cracks are observable in the area where the
ceramic layer has detached, small transverse cracks are still visible. This is due to the
significant thermal mismatch stress generated during thermal shock, caused by the large
difference in thermal expansion coefficients between the ceramic layer and the bonding
layer. This leads to the initiation of transverse cracks in the low-toughness ceramic, which
propagate during thermal cycling [39,40]. TBC-1 has undergone few thermal shock cycles,
so the accumulated stress in the ceramic layer has not yet reached the bonding strength
between the ceramic materials. The competition between longitudinal cracks and lateral
interface cracks is dominated by the development of lateral interface cracks, ultimately
leading to the delamination observed in Figure 11(c1). The final failure of TBC-1 is attributed
to the through-thickness transverse cracks caused by thermal mismatch stress.

Figure 12 shows the failure images of TBC-2. Figure 12(al) displays the BSE photo-
graph of the unspalled area of TBC-2. In the image, a network of surface cracks can be
observed on the coating surface. When the thermal mismatch coefficients of the compo-
nents in the TBC are significant, the ceramic layer experiences thermal mismatch stress.
During cooling, the surface of the ceramic layer is subjected to substantial tensile stress,
inducing cracks. These cracks initiate at the center of the sample and propagate downward
vertically during the cyclical thermal cycling process. From Figure 12b, There is an obvious
high and low difference on the coating [41]. The layer is peeling step by step, and obvious
interlayer cracks can be observed, which is the result of transverse cracks and longitudinal
cracks between the ceramic layer and peeling successively. An EDS mapping of the lowest
ceramic layer indicated that this area is still GYYSZ. This suggests that the initial peeling
occurred within the GYYSZ layer, followed by the formation of inter-layer cracks that
converged with longitudinal cracks, resulting in localized peeling. Subsequent peeling
events continued to occur within this layer. Figure 12c shows the cross-sectional structure
of the unspalled area and the spalled area of TBC-2. In the unspalled area, both transverse
and longitudinal cracks are present in the ceramic layer. The transverse cracks are mainly
located at two interfaces: one is between GYYSZ and YSZ, and the other is between YSZ
and NiCrAlY. The former has developed into through-type cracks, posing a risk of spalling
at any moment, while the latter is still in the stage of expansion. There are two reasons for
this situation: First, GYYSZ and YSZ tend to generate larger thermal mismatch stresses,
leading to faster crack propagation at the GYYSZ/YSZ interface under the same number of
thermal cycles. Second, due to the inherent properties of YSZ, when cracks are generated
and propagate at the coating interface under tensile stress, the stress at the crack tip can
induce a martensitic phase transformation from the t’ to the m phase in YSZ, primarily
from the t’-ZrO; phase. This phase transformation induces a volume expansion that par-
tially offsets the tensile stress as compressive stress, enhancing toughness and effectively
delaying the propagation of cracks at the YSZ/NiCrAlY interface. The addition of the
YSZ layer replaces the direct contact between GYYSZ and the bonding layer, effectively
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alleviating interface stress, delaying coating spallation, and enhancing the lifespan of the
coating. During the cooling process, the tensile stress on the surface of the GYYSZ coating
increases with the number of quenching cycles, leading to the initiation and extension
of longitudinal cracks at the interface. The stress is more concentrated at the center of
TBC-2, causing cracks to preferentially develop there, resulting in the initial spallation of
the coating that gradually extends towards the edges of the sample [42]. Additionally,
the further away from the center of the sample, the lower the quenching stress, which in
turn reduces the spallation rate. This explains why the area of spallation in TBC-2 initially
grows rapidly after the onset of spallation, but then slows down. The cracks within the YSZ
layer develop slowly, ultimately forming the transverse and longitudinal cracks shown
in Figure 12c, which trigger the spallation of the YSZ ceramic. Thus, the high thermal
expansion coefficient of YSZ helps to mitigate the thermal mismatch stress between the
GYYSZ and the bonding layer. The interplay of interlayer cracks, interface cracks, and
surface cracks in the GYYSZ/YSZ structure collectively leads to the failure of the coating.
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Figure 11. (a) The failure surface morphology of TBC-1; (al) BSE diffraction image; (b) failure
photographs of TBC-1; (b1) surface morphology of the failure location; (b2) EDS results and elemental
distribution; and (c,c1) the cross-sectional microstructure of two locations of TBC-1 after thermal
shock failure.
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Figure 12. (a) Failure surface morphology of TBC-2; (al) BSE image; (b) failure image of TBC-1;
(b1) surface morphology of failure area; (b2) EDS mapping; (c,c1) cross-sectional microstructure of
TBC-1 at two locations after thermal shock failure.

Figure 13 shows the failure images of TBC-3. As shown in Figure 13(al), the unpeeled
area exhibits a network of surface cracks, resulting from the release of tensile stress in the
thickness direction of the coating. Compared to the surface cracks in TBC-2, the cracks
in TBC-3 are finer, which helps delay coating spalling. Compared to the surface cracks in
TBC-2, the cracks in TBC-3 are finer, which helps delay coating spalling. Analyzing the
different failure characteristics at locations S2 and S3, as shown in Figure 13b,c, reveals the
surface morphology and EDS spectra for selected areas. The results indicate that the failure
mode at S2 is similar to that of TBC-2, with the peeling edge still consisting of GYYSZ.
In contrast, S3 shows significant height differences, indicating direct debonding at this
location, and the presence of Ni, Cr, and Al elements in the spectrum confirms that a failure
mode similar to that of TBC-1 occurred here.
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Figure 13. (a) The surface morphology of the failed TBC-3 coating; (al) a BSE image of the non-spalled
area; (b,b1) the surface morphology and EDS spectra at positions S2, and at (c,c1) S3.

Figure 14 shows cross-sectional images of spalling at the center and edges. In Figure 14a,
the thickness of the GYYSZ layer is reduced, and block-like ceramics are observed on
the layer, indicating that the spalling occurs within the GYYSZ top layer. There are no
obvious longitudinal cracks observed within the composite layer and the YSZ layer, and
only minor transverse cracks are present at the interface between NiCrAlY and YSZ. This
indicates that optimizing the structure of the thermal barrier coating can significantly
reduce the thermal mismatch stress between the components. In the competition between
interface cracks and surface cracks, the expansion of surface cracks dominates, leading
to the failure and detachment of the coating. In the cross-sectional morphology of the
GYYSZ layer, as shown in Figure 14b, numerous microcracks can be observed within the
coating. The presence of shorter and higher-density microcracks can reduce the driving
force for interface cracks. These microcracks can relieve the thermal mismatch stress at the
interface, effectively alleviating interface stress, suppressing the formation and growth of
transverse cracks, and thereby delaying coating spallation and enhancing thermal cycling
life [43—45]. The coating primarily fails through the slow propagation, coalescence, and
spallation of cracks. However, as the number of thermal shock cycles increases, interface
cracks gradually extend to the state shown in Figure 14b. Figure 14c,d illustrate the cross-
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sectional microstructure of the spalled TBC-3. During quenching, the thermal gradient
stress at the circular edge of the sample is lower. The high-density surface cracks help to
relieve the stress within the ceramic layer, allowing the relatively large difference in thermal
expansion coefficients at the YSZ/NiCrAlY interface to become the primary driving force
for interface crack propagation, resulting in the formation of penetrating transverse cracks
at the interface, which represent the main failure mode.
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Figure 14. (a) The spalled area of TBC-3 after thermal cycling failure; (b) a local magnified view;
(c) the cross-sections of the spall center; the (d) edge spall area.

4. Conclusions

(1) GYYSZ powder exhibits a single cubic phase of c-ZrO,. After undergoing annealing
treatments, the GYYSZ coating remains in the cubic phase of c-ZrO,. With the rise in
annealing temperature, the grain size of the GYYSZ coating also increases, reaching a
maximum of 4.66 pm. Additionally, the coating retains a certain porosity during annealing,
maintaining approximately 9.9% porosity even at 1500 °C, demonstrating a degree of
anti-sintering performance.

(2) By comparing the thermal conductivity and thermal expansion coefficients of the
three materials, it is found that GYYSZ has a lower thermal conductivity than YSZ and
the composite material, reaching its lowest value of 1.35 W-m~! K1 at 1000 °C, which
is 44% lower than that of YSZ. Additionally, GYYSZ has the smallest thermal expansion
coefficient, while the thermal expansion coefficient of the composite material falls between
that of GYYSZ and YSZ in the temperature range of 100—800 °C. This allows the composite
material to serve as a transition layer, alleviating the issue of thermal expansion coefficient
mismatch. An analysis of the cross-sections of the three TBCs shows that the spraying
thickness is consistent with the design, and EDS results reveal a differential distribution of
elements, with irregular boundaries and good bonding performance.

(8) TBC-1 failed after an average of 42.3 thermal shock cycles, resulting in large areas
of ceramic layer delamination and a significant drop in quality. The failure was caused by a
large thermal mismatch coefficient between the ceramic layer and the bonding layer, leading
to concentrated thermal mismatch stress that induced the initiation and rapid propagation
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of interfacial transverse cracks, ultimately resulting in the formation of through-thickness
transverse cracks and the large-scale delamination of the ceramic layer. TBC-2 exhibited
a thermal cycling life of 126.3 cycles. The functionally graded coating structure of TBC-3
further optimized the coating design by adding a transition layer, demonstrating excellent
thermal shock resistance with an average thermal cycling life of 246.3 cycles, 1.8 times that
of TBC-2. The gradient structure effectively reduced thermal mismatch stress, and the fine,
dense surface microcracks contributed to a certain degree of toughening. The failure mode
of the coating shifted to a mixed mode of block- and point-like delamination.
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