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Abstract

We simulate the dispersoid distribution within the Al matrix grains of an aluminum 6082 alloy
by combining finite difference cell modeling with mean-field precipitation simulations. The
results demonstrate that the initial as-cast microstructure and the heating rate during the
ramp-up to the isothermal homogenization temperature are the most important factors
governing the dispersoid particle distribution. The simulation results are validated by Elec-
tron Probe Microanalysis (EPMA) and Optical Microscopy on experimental run products.
The results indicate that dispersoids can only achieve uniform distribution throughout the
grain when the heating rate to the homogenization temperature is sufficiently slow.

Keywords: AA6082; dispersoids; phase transformations; simulation; thermokinetics

1. Introduction

During the fabrication process of a wide variety of aluminum products, a fine and
homogeneous distribution of small precipitates, referred to as dispersoids, is desired. The
fine distribution of dispersoids has a significant, positive effect on the mechanical properties
of the material, such as their role in preventing recrystallization during cold rolling and
extrusion at elevated temperatures [1-4]. During the different stages of the processing
of the 6xxx series Al alloys containing Mn, cubic «-Alj5(Fe,Mn);Si, dispersoids act as
preferential nucleation sites for both metastable (3’-Mg3Si; 7, B'-Al4MgsSiy) and stable
(B-Mg;,5i) phases, involved in the hardening response of the material [5-7].

Dispersoids typically precipitate during the heating ramp to the homogenization
temperature. The 6xxx series Al alloys usually contain small amounts of dispersoid-forming
elements, such as Mn, Fe, and Cr. The supersaturation of these elements in the matrix after
the casting leads to the formation of highly stable intermetallic phases inside the grains.
The crystal structures of the dispersoids depend on the nominal alloy composition [8] and
particularly on the Mn:Fe ratio [9]. In the Al 6082 alloy, which is relatively high-alloyed by
Mn, cubic x-Al;5(Fe,Mn)3Si; dispersoids are predominantly stabilized [10-12].

A detailed analysis of the microstructure [13] revealed that dispersoids do not nucleate
evenly throughout the grain. Two distinctive zones depleted of dispersoids are observed.
One is located near the grain boundaries, which is known as the Dispersoid Free Zone
(DFZ). A second area can be found in the center of the grains, sometimes referred to as the
Coarse Dispersoid Zone (CDZ). In the CDZ, dispersoids are typically larger than in other
domains of the grains and occur with a significantly lower number density. Both the CDZ
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and the DFZ depend on the heat treatment applied. Different heating rates or temperature
profiles lead to different dispersoid distributions, as reported by the addition of a holding
step to the heating process [13,14]. This paper aims to explain the thermodynamic reasons
for the observed formation of the CDZ in the center of the grains, including experimental
results and a computational analysis of the problem.

2. Experimental

EN-AW 6082 ingots with the nominal composition shown in Table 1 were prepared
by the company partner, Neuman Aluminium, via direct chill casting. The samples were
cut from the central region of the as-cast material. Using a Bahr 805 A/D dilatometer (TA
Instruments, New Castle, DE , USA), four different heating rates from room temperature to
560 °C, which is a typical homogenization temperature for the processing of Al 6082 alloys,
were applied: 0.01 K/s, 0.1 K/s, 1 K/s, and 10 K/s, with a holding time of 1 h at 560 °C,
followed by rapid quenching. The heat treatments were performed under vacuum. To
observe the intermetallic phases and their distribution across the grains, samples were
polished and etched with a solution of 10% NaOH and 90% distilled water. The etching
was performed for 75 s.

Table 1. Chemical composition of the Al 6082 alloy in mass percent.

Si Fe Mg Mn Cu+Cr+Zn+Ti Al
AA6082 1.2 0.25 0.65 0.57 0.1 Balance

Electron probe microanalysis (EPMA) was performed on samples in their as-cast state
and after reaching 300, 400, and 560 °C when heated at 0.01 K/s. These measurements
were performed using a CAMECA SX Five Field Emission Gun Electron Microprobe
(CAMECA, Gennevilliers, France) at the EPMA laboratory of the Core Facility Electron
Beam Microanalysis, Faculty of Earth Sciences, Geography and Astronomy at the University
of Vienna (AT). The instrument was operated at an acceleration voltage of 18 keV, a beam
current of 62 nA, and a working distance of 10 mm.

3. Modeling

To perform a computational study with high predictive capacity on the dispersoid
nucleation and their heterogeneous distribution inside the Al matrix grains, the underlying
modeling of the simulation must take into account the relevant physical mechanisms at all
stages of the process, from the initial as-cast condition, where microsegregation is of the
utmost importance, to the fundamental laws for nucleation (Classical Nucleation Theory)
and diffusion-mediated precipitate growth, including the thermodynamic CALPHAD
description of all relevant phases present in the material [15].

Section 3.1 explains the definition of the simulation domain and how it is discretized
to account for the initial chemical heterogeneity, with elements being unevenly distributed
within the grains. Sections 3.2-3.4 discuss the thermodynamic essence of the nucleation
process, starting with the Classical Nucleation Theory (CNT), followed by the treatment
of the nucleation sites and the particular nucleation sequence in these alloys. The chapter
concludes with the treatment of chemical gradients inside the grain. It is shown how
CNT can provide a reasonable explanation on why «-Al;5(Fe,Mn)35i, dispersoids can
only distribute evenly throughout the grain when the heating rate to the homogenization
temperature is sufficiently slow.
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3.1. Domain Discretization

The typical microstructure after solidification is characterized by the relatively large
primary phases located near the grain or dendrite boundaries of the Al matrix, and a
non-uniform distribution of solute elements in the Al matrix grains, commonly known as
microsegregation [16]. Microsegregation results from thermodynamically controlled minor
element partitioning between the liquid and the Al-fcc matrix phase and its temperature
dependence during the solidification stage.

The segregated as-cast state of an alloy can be approximated by the Scheil-Gulliver
hypothesis [17-19], according to which the solidification of the material is treated as a
sequential concatenation of concentric layers (or shells) of newly formed solid. Each layer
has the equilibrium concentration of solute elements given by the phase diagrams, with no
diffusion allowed between the successive solid shells. This results in the widely described
layered nature of the as-cast material [20]. Contrary to the solid portion, the Scheil-Gulliver
hypothesis considers diffusion-mediated elemental redistribution to be fast enough in
the liquid to assume instantaneous chemical homogenization and uniform composition
of the liquid, which includes the solidification front. The Scheil-Gulliver hypothesis has
been extensively employed to describe the inhomogeneous compositional nature of a wide
variety of materials in their as-cast state [21-25].

The Scheil-Gulliver calculation can be used to obtain the theoretical element distri-
bution in mass % in the Al-fcc matrix grains as a function of the liquid fraction, Fjquiq- It
is possible to estimate the element distribution within the grains by relating the amount
of liquid remaining (Fjiquiq) in mol. % and the measured mean grain diameter once so-
lidification is completed, as shown in Equation (1). The x coordinate has its origin at the
hypothetical center of the Al matrix grain and its maximum (when the phase fraction of
liquid approaches 0) at half of the average grain diameter % , where the grain bound-
ary is located. For the case under study, the mean grain diameter after solidification is

approximately 120 um.
d

x = (1= Fiqua) 5- M

Using the MatCalc software, version 6.05 [26], along with its thermodynamic and
diffusion databases, mc_al.tdb [27] and mc_al.ddb [28] respectively, the primary phases
formed during casting and their relative amounts are calculated with the Scheil-Gulliver
module for the composition presented in Table 1. Results are shown in Figure 1a. The main
primary intermetallic phase is the o-Al;5(Fe,Mn)35i; phase. In lower amounts, the presence
of silicon in its diamond crystal structure, Mg,Si, and (3-Aly.5FeSi is also predicted in the
as-cast microstructure. Similar results were obtained by [11,29].

As can be interpreted from the element distribution calculation shown in Figure 1b,
there are significant Mg and Si concentration differences between the center of the grain or
dendrite arm, representing the location of the first Al-fcc crystallization from the liquid, and
the regions located closer to the boundary, which correspond to the stage when the solid
fraction approaches 1, i.e., where the latest portion of the solid is formed. As explained in
the following paragraphs, the concentration gradients of the solute elements within the
Al-fcc matrix grains (microsegregation) are responsible for the heterogeneous distribution
of precipitates formed during homogenization.
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Figure 1. Phase fraction as a function of temperature resulting from the Scheil-Gulliver calculation

(a). Element distribution in the Al-fcc matrix as a function of fraction solidified (b).

To establish a reasonable computational study for the highly heterogeneous element

distribution present within the microstructure, the simulation domain is treated as a linear
1D geometrical setup, divided into 10 regions (“cells”). The simulation cells cover all
domains from the center to the border of the grain, as schematized in Figure 2a. To account

for the initial as-cast state, Mg and Si concentrations are assigned to each simulation cell
following the Scheil-Gulliver calculation, shown as continuous dashed lines in Figure 2b.
This simulation is carried out using the “Cell Simulation” module available in the MatCalc
software, which has been introduced in [30]. A finite differences formulation solving Fick's
second law of diffusion is used to couple the transient multi-element diffusion between the
discretized subdomains. The formulation is shown for one element in Equation (2).
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Figure 2. As-cast state of the material. (a) Discretization of a grain into subdomains along the
horizontal x-axis, extending from the hypothetical grain center (left) to its boundary (right). (b) Initial
Mg and Si concentrations of the discretized cells are shown as solid lines, while the calculated Scheil-
Gulliver concentration profiles are depicted with dashed lines. The horizontal x-axis represents the
distance from the grain center to its boundary.
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With ¢;* being the element content of cell i at time t, and ¢;'* the concentration of the
element at t + At. D; ;.1 and D;;.; are the mean diffusion coefficients of cell i + 1 and cell
i — 1, respectively. Ax represents the width of one cell. A system containing n cells and j
elements results in j linear equation systems, each with n equations and n variables.

3.2. Classical Nucleation Theory

The nucleation of a new crystalline phase within a solid can be addressed by means of
the CNT [31]. In CNT, the exact location and time at which an individual particle forms
cannot be determined, as the process is of stochastic nature. However, the rate of new stable
nuclei in a volume under a given temperature and chemical condition can be calculated,
giving rise to the fundamental parameter in precipitation kinetics, the nucleation rate, ]
(nuclei/s-m3) [31]. The equation describing the nucleation rate reads as follows:

] =Np-Z-p*e G /KeT.o~ 7, )

The pre-exponential terms Ny, Z, and (3* represent the number of available nucleation
sites, the Zeldovich factor, and the atomic attachment rate, respectively. G.*, in ] /atom, is
the Gibbs energy of a cluster with critical size, which may be understood as the transition
point between stable and unstable nuclei, kg is the Boltzmann constant, T is the absolute
temperature, T is the incubation time, and t is the time of the precipitation event. The
effect of G.* is particularly relevant for the nucleation rate, as a small variation in G*
strongly affects the probability of nucleation events. To obtain an expression for G.*, the
energy required to form a nucleus, AG,y (J), can be split into a negative contribution,
stemming from the driving force for the formation of a favorable phase, AGy,), and a
positive contribution, resulting from the creation of a new interface between the nucleating
and parent phase, AGgs. For a spherical nucleus of radius p, AG,y is then given by
the following:

AGpya = AGyg  +  AGgyrf = 3759 Agvol + 47‘(p Agsurf )
= 37Tp ( Chem + AGelas) + 47-[9 Y,
where vy (J/m?) represents the interfacial energy, AGgas (J/ m?) is the elastic energy related
to the misfit in crystal structure between precipitate and matrix, v is the molar volume of
the matrix phase (m3/mol), and dep is the chemical driving force for nucleation (J/mol).
This value can be directly calculated from the thermodynamic database.
In CNT, the Gibbs energy of the critical cluster, G.*, is calculated as the maximum of
AGpyq in the AGpy Vs. p curve by the following:

aAGnucl o
which results in the expression of the Gibbs energy of the critical cluster:

L_ln Y

C - .
3 d 2
(_ glg‘m + AGelas)

(6)

This states that the larger the chemical driving force for the nucleation of a phase, the
lower the energy barrier required to form a stable nucleus.
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3.3. Nucleation Sequence and Nucleation Sites

To perform a computational analysis with predictive capacity on the spatial distribu-
tion of «-Aly5(Fe,Mn);Si, dispersoids, the simulation scheme must include the microsegre-
gation and the sequence of the nucleation events. The complete sequence of precipitates
forming in the Al-Mg-Si system has been extensively studied [32-35]. For the current
analysis, metastable phases, such as Guinier-Preston zones and p”-MgsSig, nucleating and
dissolving at temperatures lower than the appearance of dispersoids, are not considered,
as they do not appear to contribute to their nucleation. Within the alloy composition
range considered in this study, and based on Transmission Electron Microscopy images,
the metastable '-Mg3Si;.¢7 and B'-Al;MggSi; phases are reported to nucleate during the
heating stage of the homogenization treatment at a temperature of ~250 °C [5,6,10]. These
precipitates play an essential role in the microstructure evolution since they act as preferen-
tial nucleation sites for dispersoids at temperatures of ~300-350 °C [5,8,36-38]. It should
be noted that for a similar composition range, Lodgard et al. [10] reported the presence of
a second intermediate phase nucleating in between 3’-Mg3Sij.¢y and the dispersoids, the
“u-phase”. Due to the lack of unambiguous evidence, this additional transformation is not
included in the present simulation, and B’ will be the term used to group and address the
metastable phases leading to dispersoid nucleation.

A simplified schematic illustration of the dispersoid nucleation sequence, as inferred
from previous microanalytical findings [5,8,10], is shown in Figure 3. Initially, as the
temperature rises to T1, metastable p’ particles nucleate within the Al matrix grains. As
the temperature increases further to the range at which dispersoids nucleate (T), the
dispersoids precipitate preferentially at the interfaces between the ' and the Al matrix.
Once the solvus of the metastable p’ particles is exceeded (T3), they dissolve while the
dispersoids remain.

Tl TZ T3
B’-MgSi —L a-dispersoids ‘
([
® @
I o ® o
[010] [010] O
[100} [100]
Q @
® @

Figure 3. Schematic illustration of the sequence leading to the heterogeneous nucleation of -
Al;5(Fe,Mn);Si, dispersoids in 6xxx series Al alloys. Ty < T < Ts. The indicated crystallographic
directions refer to the lattice of the Al matrix phase.
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The metastable MgSi-rich phases nucleating during the heating to homogeniza-
tion temperature have a platelet morphology, as schematized in Figure 3, and are of
a semi-coherent nature with the Al matrix, yielding crystallographic coherency in the
<100> direction [33]. The nucleation of these phases occurs inside the grain, probably at
dislocation cores or other defects in the matrix phase.

The simulation aims to link the nucleation events of metastable MgSi-rich phases
and favored dispersoid formation via the “excess” availability of nucleation sites due to
MgSi pre-nuclei. To achieve such a scenario in a physically sound simulation setup, the B’
phase nucleation in the bulk is initially computed, following CNT. Since these metastable
precipitates are known to distribute evenly within the grain [8,10], the number of their
possible nucleation sites, N, can be considered to be constant throughout the volume of
the grain. To simplify the nucleation nature of ', a homogeneous nucleation is assumed.
Therefore, spatial variations in the nucleation rate of the 3’ phase can only be explained
by the value of G.*, which depends on the chemical driving force (Gc* & 1/dchem?); se€
Equation (6).

Subsequently, in the simulation, x-Al;5(Fe,Mn)3Si, dispersoids are set to nucleate
on the surface of the metastable B’ phase. A mean-field model connecting the available
nucleation sites for a precipitating phase to the presence of a precursor phase—a pre-
nucleus—is included in MatCalc in the section of “nucleation on precipitate surface”,
obtaining the parameter N = N in the formula of the nucleation rate (Equation (7)) as the
number of atoms at the surface of the parent precipitate. The calculation of N in MatCalc
has been addressed in our research group [39] as the ratio between the interfacial area of
precursor phase A,/ and the mean area of a single atom Aat.

o Aint/ B’
No = —UE )

It should be noted that N« depends on time and temperature, but also on the spatial
coordinate Ny = N«(x), as the precursor phase will populate the inner and outer regions
of the grain differently due to the differences in the respective chemical driving forces. At
temperatures above the solvus of f/, and as it dissolves, dispersoid nucleation will stop,
even at large driving forces, due to the absence of available nucleation sites (N« — 0).

3.4. Analysis of the Interrelation Between Chemical Gradients and Precipitation

The impact of microsegregation on the nucleation of precipitates can be understood
by examining the differences in the evaluated chemical driving forces between solute-
enriched and solute-depleted zones within the grain (see Figure 4a,b). After solidifi-
cation, areas of the microstructure closer to the grain boundaries contain Mg and Si
atoms at higher concentrations than the more internal regions of the grains. The asso-
ciated higher solute supersaturation translates into larger driving forces for the nucle-
ation of metastable phases. The calculated gradient in the chemical driving force for
the precipitation of a-Alj5(Fe,Mn)3Si; dispersoids and B’ at 200 and 300 °C is shown in
Figures 4a and 4b, respectively.
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Figure 4. Calculated chemical driving forces for precipitation of 3’-MgSi and o-Al;5(Fe,Mn);Sip
dispersoids in the discretized domain at T = 200 °C (a) and T = 300 °C (b). Calculated interfacial
energies with the Al-fcc matrix of p’-MgSi and «-Alj5(Fe,Mn)3S;, dispersoids at T = 200 °C (c)
and T =300 °C (d). The x-axis has its origin in the theoretical center of the grain and extends to
its boundary.

The elastic strain energy (AGel,s) always acts against the nucleation event [31]. For
nucleation to occur, the driving force for the nuclei formation must be larger than the elastic
strain energy (dchem /™ > AGgly). As a simplification, AGgjys is ignored in the analysis.
Furthermore, it can be assumed that interfacial energies are largely independent of element
distribution in the grain, as shown in Figure 4c,d, where interfacial energies for 3'-MgSi
and «-dispersoids are calculated at 200 and 300 °C. As a consequence, the ratio of critical
nucleation energy between areas closer to the boundary, Ge bound, and the center of the
grain, Ge ' center, can be approximated from Equation (6) as follows:

* 2
Gccenter ~ (dchembound> ) (8)

*
GCbound dChemcenter

As shown in Figure 4a,b, upon temperature evolution, differences in Mg and Si
concentration between the outer and inner regions of the grain translate into differences in

. .. d d
B’ nucleation driving forces between hembound ~ 1.5and ghembound ~ 3.
chemcenter | T=200°C chemcenter | T=300°C

Following Equation (8), the ratios in critical nucleation energy can be calculated as a first
approximation by the following: % ~225-9.

Cbound
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Recalling the nucleation rate expression (Equation (5)) and assuming all factors multi-
plying the exponential term (Ny, Z, and 3*) remain constant throughout the grain, the ratio
between the nucleation rate in the region close to the grain boundary and at the central
area of the grain can be expressed as follows:

_ G G

_ Ge
= € bound . 9
] center eiGCCenter* /KgT ( )

With a characteristic value of G* =5 - 10720 at 200 °C, the previous ratio in nucleation
probability of metastable B’ between the internal and external domains of a grain can be
estimated as approximately 4-5 orders of magnitude higher in the outer regions of the
grain as compared to the inner zone, where the CDZ typically appears.

Mn is the slowest diffusing element of the microstructure. Therefore, its availability is
the limiting factor for the nucleation and growth of x-dispersoids. Mn microsegregation
resulting from the solidification of the material does not produce such sharp concentration
gradients within the grain as in the case of Mg and Si, as seen in Figure 5. EPMA results
indicate that Mn is evenly distributed in the dendrite arms, having a pronounced peak at
the boundaries, where the large primary Mn-rich intermetallic particles are located. For
simplicity, the Mn concentration is subsequently treated as a constant averaged value from
the Scheil-Gulliver calculation.

120 .
1004
80 -

60

Distance (um)

40

204 -

..‘

150 175 200

0 25 50 75 100 125

Distance (Um)

Figure 5. EPMA analysis of the Mn distribution in the as-cast state.

Compared to metastable MgSi phases, the differences in driving force for the precipi-
tation of dispersoids between the different regions within the grain are insignificant (Mn
is not strongly segregated). Consequently, their associated nucleation barrier is similar
between the central and outer areas of the grain. Added to the nucleation site availability,
the ratio of dispersoid nucleation rate can be expressed as follows:

e_Gccenter*/KBT (10)

] center Ncenter Ncenter

—Gef KgT
Jbound ~ I\Tbound.<e cbound/ Ko ) -~ Nbound

This results in a linear dependence of the nucleation rate ratio on the available nucle-
ation sites.
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4. Results and Discussion
4.1. Formation of Coarse Dispersoid Zones

The prediction of the effect of the heating rate on dispersoid nucleation is demonstrated
in Figure 6, where etched samples are shown after heating to 560 °C at four different rates
(0.01, 0.1, 1, and 10 K/s) and held at 560 °C for 1 h. For the slowest heating rate, 0.01
K/s, small regions of DFZ appear near the grain boundaries, where primary phases are
prominent. At the same time, x-Al;5(Fe,Mn)3Si, dispersoids distribute evenly throughout
the grain, and the CDZ is absent (Figure 6a,b). On the contrary, CDZ develops at faster
heating rates and becomes more prominent at higher rates. In Figure 6¢,d, at a heating rate
of 0.1 K/s, the heterogeneous distribution of dispersoids is seen. Marked in red, a CDZ
appears in the inner section of the grains. At 1 K/s, shown in Figure 6e f, the area of the
CDZ within the grain significantly increases, where there is an even more prominent effect
at the highest heating rate (10 K/s), displayed in Figure 6g,h. The optical microscopy results
suggest that a larger CDZ results from faster ramps to homogenization temperatures.

Figure 6. Cont.

10
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Figure 6. Optical microscopy images showing the dispersoid distribution in samples that were heated
with four different heating rates. No CDZ is observed at a heating rate of 0.01 K/s (a,b). CDZ appears
at the grain centers after heating at 0.1 K/s (c,d), 1 K/s (ef), and 10 K/s (g,h) heating rates and
keeping the samples at 560 °C for 1 h.

4.2. Concentration Gradients

We hypothesize that the heterogeneous dispersoid distribution within the grain is
directly related to the initial microsegregation. The variation in dispersoid distribution
at different heating rates could be linked to changes in the extent of element diffusion
under the various heating conditions. By this reasoning, concentration gradients would be
effectively removed by diffusion at sufficiently low heating rates. A more even element
distribution would then translate into a uniform nucleation of the initial 3’ precursor phase
and, subsequently, of the x-Alj5(Fe,Mn);Si, dispersoids, hindering the formation of CDZs.

To test this conjecture, the current discretized setup is used to simulate the diffusion
effect on concentration gradients. Initially, a diffusion calculation is performed in MatCalc
from room temperature until the homogenization temperature of 560 °C at the slowest
heating rate of 0.01 K/s. The results of element distribution at selected temperatures are
shown in Figure 7.

As shown in Figure 7, only at temperatures higher than 400 °C, even for the slowest
heating rate studied, is the diffusion of Mg and Si atoms from the more concentrated areas
to the less concentrated ones appreciable. Diffusion results at higher heating rates are not
included, as faster heating only results in lower overall element redistribution. It should
be noted that the Mn evolution can be neglected due to its low segregation tendency and
its slow diffusion. An estimation of the average distance an atom can travel at a given
temperature is given by the relation:

1~ V2D, (11)

where D is the diffusivity of the given element in the matrix, and t is the time. The diffusivity
can be calculated as follows:
D = Dye~®/RT, (12)

where Dy is the frequency factor, with unit m? /s, and Qg is the activation energy, expressed
in J/mol. Accepted values of Dy and Qg for both Mg and Si can be retrieved from pub-
lished diffusion databases. In MatCalc [28], these values are Dyyg = 7.5 % 107 m?/s,
Qr-Mmg = 115,000 J/mol, Dy.gi =3 x 107> m?/s, and Qg.gi = 123,900 ] /mol.

11
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Figure 7. Diffusion calculation on the discretized domain at different states during heating to the
homogenization temperature at a rate of 0.01 K/s, (a) at the as-cast state, (b) at 200 °C, (c) at 300 °C,
(d) at 400 °C, (e) at 500 °C, (f) at 560 °C.

By heating the material at 350 °C for 1 h, the average length that Mg and Si atoms can
move within the grain, according to Equation 11, is around 2.7 um and 3.2 pm, respectively,
a distance more than an order of magnitude lower than the mean grain radius of ~60 um.
This suggests that during the heating stage of the homogenization treatment, at temper-
atures where metastable phases nucleate and regardless of the heating rate, the atomic
mobility is insufficient to level out the concentration gradients present in the grain. This can
only happen at the prolonged holding stages at elevated temperatures: the average distance
Mg and Si atoms can move, calculated after 1 h at 560 °C, results in values of 49.8 um and
64.5 pm, respectively, in the same order of magnitude as the average grain radius.

EPMA results confirm that segregation of Mg and Si is still present at 300 and 400 °C
during the heating stage of the homogenization treatment, as shown in Figure 8c—f, and
it is only at higher temperatures that elements distribute evenly in the grain, as seen in
Figure 8g,h. Due to its low mobility in the Al matrix, changes in Mn distribution from its
initial state, shown in Figure 5, are not observed.

Chemical gradients translate into driving force gradients for the precipitation inside
the grain. Due to the sparse mobility at temperatures where metastable phases nucleate,
it has already been shown that the original compositional gradients are largely retained
despite the large chemical potential gradients acting against them, and therefore, the evolu-
tion of the microstructure follows, regardless of the heating rate, the kinetic environment
established by the initial element segregation.

The formation of the large areas of depleted and coarse dispersoid zones within the
grain cannot be understood as a diffusion effect but rather as a situation where differences in
the chemical driving forces for the nucleation of precursor 3’ phase, and therefore in critical
nucleation energy G.*, scale exponentially in the nucleation rate formula that describes
the probability of a single nucleation event. This results in several orders of magnitude
of difference in probable nucleation events between areas near the boundary and the
center of the grain, linearly determining the available nucleation sites for subsequent
dispersoid nucleation.

12
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Figure 8. EPMA results showing the distribution of Mg and Si atoms within the grain at various

stages of the homogenization heating ramp. (a,b) correspond to the as-cast state. (c,d) associate with
the grain at 300 °C; (e,f) at 400 °C; and (g,h) at 560 °C.

Lower heating rates or isothermal steps at sufficiently high temperatures allow more
time for nucleation, leveling out the effect of nucleation rate differences between zones
depleted in Mg and Si, where the nucleation of metastable B’ is less likely, and zones with
higher Mg and Si concentrations, which are more prone to the nucleation of metastable {3'.
At sufficiently low heating rates, metastable 3’ particles may thus nucleate even in larger
numbers and also in the less favorable zones for nucleation. At the same time, initial B’
nuclei formed near the boundaries of the grain grow (and later dissolve) upon heating.
Assuming a temperature range for preferred ' nucleation, AT, alloys heated at 0.01 K/s
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would have 10 more seconds to undergo particle generation compared to a material heated
at 10 K/s, which would be enough time to compensate for the calculated differences in
nucleation rates within the grain.

4.3. Simulation

The simulation results are shown in Figure 9. After one hour at 560 °C, differences
in dispersoid precipitation for the four heating rates studied can be expressed in terms
of the Mn content of the Al matrix, predicted phase fraction, calculated number densi-
ties, and remaining driving force for a-Al;5(Fe,Mn);5i; nucleation. The evolution of Mn
concentration in the Al matrix depends indirectly on the heating rate and the associated
dispersoid evolution. Supersaturated Mn from the casting process is consumed by the
formation but mainly by the growth of dispersoids, as their growth potential will be higher
at lower heating rates. Mn supersaturation is entirely eliminated throughout the entire
grain at 0.01 K/s heating rate, while Mn remains supersaturated in the inner regions of the
grain for the faster heating rates, as shown in Figure 9a, the latter being associated with
incomplete dispersoid nucleation.
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Figure 9. Simulation results showing (a) Mn dissolved in the Al matrix as solid solution, (b) driving
force for a-Alj5(Fe,Mn)3Si; nucleation, (c) o-Aljs5(Fe,Mn)3Si, dispersoids phase fraction, (d) and
a-Alj5(Fe,Mn)3Si; number densities as function of the spatial coordinate of the grain for four different
heating rates.
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The nucleation of dispersoids is expected to be completed when, after the heat treat-
ment, the remaining driving force for their formation is close to zero, i.e., it is too low to
enable any further nucleation event in all grain regions. It is seen in Figure 9b that this
is only achieved at the lowest heating rate, while large driving forces for the nucleation
of dispersoid remain present in the inner regions of the grain, reaching broader areas at
higher heating rates, as exemplified in the 10 K/s heating instance.

Figure 9c,d show the calculated dispersoid phase fraction and number density after
the heat treatments. For the lowest heating rate, the variation in the dispersoid frac-
tion is small throughout the grain, which is supported by the experimental evidence
shown in Figure 6a,b. Number densities calculated for a heating rate of 0.01 K/s vary from
10'® n°/m3 in the central domain to 10%° n°/m? in the outer regions. Compared to pub-
lished data by [40], for an Al 6082 alloy, density values after a homogenization treatment at
a slightly higher temperature of 570 °C and 2 h were approximately 10!2 n°/m?. Assum-
ing the characteristic dimension of dispersoids to be I. ~ 100 nm, the measured number
densities were in the range of 10! n°/m?3. At higher heating rates, the dispersoid number
density and phase fraction in the inner regions of the grains tend to zero, demonstrating
the formation of the experimentally observed CDZ (Figure 6¢-h).

5. Summary

The heating rate effect on the evolution of the spatial distribution of x-Al5(Fe,Mn)3Siy
dispersoid precipitation during the heating of an Al 6082 alloy from the as-cast state at
room temperature to the homogenization temperature was studied, combining experiments
and thermokinetic modeling. The experiments show that after relatively rapid heating at
heating rates of 0.1 K/s to 10 K/s, dispersoid particles are unevenly distributed within
the Al matrix grains, typically showing a Coarse Dispersoid Zone (CDZ) in the internal
regions of the grains. Only after comparatively slow heating at 0.01 K/s is a nearly uniform
distribution of dispersoid particles is obtained. Both experimental and computational
results point to the initial concentration gradients of solute Mg and Si within the Al
matrix grains (microsegregation) attained during the casting as the main cause for the
heterogeneous dispersoid distribution after rapid heating. Element diffusion is insufficient
to eliminate the initial solute concentration differences during heating to the temperatures
where dispersoid nucleation occurs. The resulting differences in the driving forces for the
nucleation of the intermediate 3’ phase between the inner and outer areas of the grain
lead to the observed heterogeneous dispersoid distribution. Only at the low heating rate
of 0.01 K/s is there enough time available in the relevant temperature range to allow
for the sufficient nucleation of the intermediate 3’ phase, which largely compensates for
the chemically induced nucleation rate differences and results in a more homogeneous
dispersoid distribution throughout the Al matrix grains.
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Abstract

The mechanical reliability of metallic alloys under cyclic loading is crucial for optimizing
their microstructure—property relationships. Understanding the statistical behavior of
fatigue failure data is essential for designing alloys that endure extreme environmental
conditions. This study introduces a generalization of the Student’s t-Birnbaum-Saunders
distribution to improve the modeling of fatigue life data, which often exhibit heavy tails
and are common in advanced alloy systems. Seven different estimation methods are
employed to estimate and compare the parameters of the proposed distribution, providing
a comprehensive statistical framework for fatigue failure analysis. The goodness-of-fit
of the proposed model and its sub-models, along with the joint relative efficiency of
parameter estimates, is assessed using real fatigue data within the maximum likelihood
framework. Additionally, the robustness of estimation methods is examined through Monte
Carlo simulations across various sample sizes and parameter configurations. The results
highlight the effectiveness of the generalized Student’s t-Birnbaum-Saunders distribution
in capturing the stochastic nature of fatigue failure in metallic alloys, offering valuable
insights for materials design and predictive reliability modeling. These findings align
with advancements in computational modeling and simulation, contributing to developing
alloys with tailored mechanical properties.

Keywords: generalized Birnbaum-Saunders distribution; point estimation; data analysis;
optimization

MSC: 62F10; 62F30; 62F40; 60E05

1. Introduction

The mechanical reliability of metals and alloys under repeated stress (e.g., cyclic load-
ing) is of paramount importance in structural engineering, aerospace, and materials science.
Fatigue failure, defined as progressive structural damage resulting from the combined
action of one or more stress factors (e.g., loading), plays a crucial role in determining the
lifespan of metallic components. As industrial researchers continue to develop advanced
metallic alloys with tailored properties, there is a pressing need for statistical models that
accurately capture the stochastic nature of fatigue life data. In practice, well-known life-
time models (e.g., exponential and Weibull distributions) often fail to accommodate the
heavy-tailed behavior observed in such data, particularly for complex or novel alloys.
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In recent years, various studies have addressed the modeling of fatigue failure. For ex-
ample, ref. [1] proposed a fatigue crack growth model by integrating finite element model-
ing with an approximate Bayesian computation framework to predict rail defects, specif-
ically transverse defects, in data from a U.S. Class I railroad. Ref. [2] introduced a new
empirical method for estimating the cumulative distribution function of fatigue life under
given loads by statistically transforming fatigue data across different stress or strain levels,
thereby improving distribution estimation. Ref. [3] proposed a probability-based basis for
predicting the fatigue life of notched components, accounting for size effects. The under-
lying life distribution of pultruded fiber-reinforced compounds was studied by [4], who
explored its statistical characteristics. A comprehensive review on fatigue modeling using
neural networks was conducted by [5], summarizing past progress and outlining future
research directions. Ref. [6] examined the extreme value distribution of maximum fatigue
indicators in large-scale engineering components using an upscaling method extrapolated
from simulations involving statistical volume elements, each containing approximately
264 grains. Lastly, ref. [7] fitted a set of 950 NASA-conducted gear surface fatigue test
results to a three-parameter Weibull distribution, while ref. [8] recently discussed advances
in probabilistic modeling of low-cycle fatigue.

In practice, objects made of materials and alloys are subjected to various loading param-
eters, such as cyclic loading, which causes fatigue in the long run. The latter phenomenon
describes the beginning and spread of cracks in materials and alloys due to loading pa-
rameters. This phenomenon is considered in the design of structural components in many
engineering disciplines. Fatigue modeling and prediction are essential to ensure the reliability
and safety of elements considered in cyclic loading conditions, especially in applications like
civil infrastructure and automotive. From a statistical perspective, fatigue can be considered
as a random variable from a lifetime model, which is typically a probability distribution
with non-negative support and at least one parameter that can be linked to a stress factor.
Various lifetime probability distributions and statistical inferential methods have been ap-
plied to model the statistical variability in fatigue data. For example, the applicability of
the normal distribution versus the three-parameter Weibull distribution was investigated
and compared by [9] according to the results of six series of 18 to 30 similar fatigue tests on
three specimens. A random fatigue-limit model was considered for data of specimens in
four-point out-of-plane bending tests of carbon eight-harness satin/epoxy laminate by [10],
while ref. [11] analyzed nickel base superalloy fatigue data with runouts via a model with
nonconstant standard deviation and a fatigue limit parameter. In this connection, an article
by [12] investigated some issues when applying Markov chain Monte Carlo and Laplacian
approximations estimators to the experimental design problem in the random fatigue-limit
model with application to laminate panel data. In [13], a competitive Bayesian treatment
of stress-life data was drawn from a collection of records of fatigue experiments that were
performed on 755-T6 aluminum alloys, assuming at least one model was provided. Recently,
ref. [14] proposed the Bayesian model averaging method, which offers a general framework
for developing probabilistic fatigue models with superior robustness and precision in their
predictions. A direct application of statistical distribution theory in fatigue analysis was a
probabilistic model called the Birnbaum-Saunders (BS) fatigue life distribution [15,16]. The
latter distribution was proposed to model fatigue failure under cyclic loading based on a phys-
ical mechanism in which failure results from the progressive growth of initial micro-cracks.
Specifically, crack growth is assumed to be normally distributed, arising from the accumu-
lation of minor damage due to repeated stress cycles, with failure occurring once a critical
crack length is reached. On the one hand, the BS model offers a probabilistic framework based
on a stochastic representation of damage accumulation. On the other hand, physics-based
fatigue models (e.g., the Coffin-Manson model) rely on material-specific parameters such as
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strain energy amplitude. Overall, the BS model provides a data-driven approach for lifetime
prediction under repetitive stress, particularly when detailed material or loading information
is unavailable.

Assume that X is a continuous random variable denoting the time-to-failure due to
fatigue. Hence, X is considered to follow the unimodal two-parameter BS distribution if its
cumulative distribution function (CDF) is defined as:

F(x;a,B) :@(wll\/?\/ﬂ), x>0, (1)

such that @(-) is the CDF of the standard normal distribution, while « > 0 is a shape
parameter, and § > 0 is a scale parameter. The study by [17] offered a broader derivation of
the BS distribution based on a biological framework, reinforcing the physical justification
for its application by easing the initial assumptions made in [15,16]. Since its introduction,
the BS distribution has received considerable attention from many researchers due to its
close relation to the normal distribution and other desirable properties. According to a
thorough review by [18], over two hundred research articles and one dedicated monograph
have been published detailing the properties, advancements, and various extensions and
generalizations of this distribution. Recently, ref. [19] discussed frequentist and Bayesian
estimation methods for the two-parameter conventional BS distribution and the prediction
of missing data (i.e., failure times) under the Type-II censoring plan. The latter lifetime
distribution is used to analyze the time to fatigue of a sample of a specific type of aluminum
coupon. The coupons are cut in a corresponding direction to the rolling, and they were
oscillated at specific levels of cycles per second and maximum stress per cycle. The study
by [20] considered a goodness-of-fit test for the Birnbaum—-Saunders distribution based
on the probability plot and provided an application to the strength of glass fiber of length
15 cm. The BS distribution does not accurately model the heavy-tailed pattern that may occur
in fatigue data of complex alloys. Researchers have considered modifying or generalizing
the BS distribution to compensate for this limitation. For instance, refs. [21,22] developed
the generalized Birnbaum-Saunders distribution (GBS) by substituting the normal kernel
with elliptically symmetric kernels (e.g., Student’s ¢, Cauchy, etc.) to enhance the model’s
flexibility. Afterward, ref. [23] considered Student’s ¢t BS survival regression models with
heavy-tailed errors, presented some inferential results, and performed diagnostics analysis,
while ref. [24] introduced the BS distributions based on scale mixtures of normal models and
illustrated the results by analyzing fatigue failure data of aluminum specimens of type 6061-T6.
Recently, another approach considered by [25] to generalize this model is by changing
the square root in the CDF by another shape parameter § > 0. Recent research about
the BS distribution and its generalizations has been considered by researchers, including,
but not limited to, the mentioned contributions. A study by [26] introduced a new type
of BS model as an alternative to the conventional model to fit fatigue data, while ref. [27]
used a new bivariate BS distribution to establish a regression of generalized linear models.
One of the desirable properties of the BS distribution is that its scale parameter represents
the median lifetime, unlike the scale parameter of the exponential distribution, which
represents the mean lifetime. Consequently, some researchers focused on studying the
median of the BS distribution. For instance, ref. [28] developed a test to assess the impact
of two interacting factors on the median for BS distributed response via the integrated
likelihood ratio test framework. To address a serious challenge in lifetime data analysis,
ref. [29] considered the model misspecification problem between the log-normal and BS
distributions. A study by [30] assumed a varying-stress accelerated life test for a generalized
BS model to establish an extension for this model. The study outlined the aspects of this
highly flexible distribution, obtained the classical maximum likelihood estimators (MLEs),
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developed a novel goodness-of-fit procedure, and proposed a new inference approach
using Bayesian theory. Under the latter framework, ref. [31] considered estimating the
parameters of the BS distribution in the presence of right-censored data. A study by [32]
recently employed the BS distribution to model metallic materials fatigue life under cyclic
loading. The study compared this model to the normal distribution. The considered models
were used to analyze three sets of data of unnotched specimens of 755-T6 aluminum alloys
and carbon coating with several types of loading. Recently, ref. [33] investigated the
asymptotic aspects of the method of moments estimators for a newly parametrized BS
distribution.

Estimating the model parameters is a topic of significant interest to researchers and
has been extensively studied in the statistical literature. Since there are many estimation
methods, researchers conducted Monte Carlo comparative simulation studies to compare
their performance in terms of various statistical and computational aspects. Such studies
are imperative for evaluating under different settings, providing robust comparisons
between estimation accuracy and efficiency. Several studies demonstrate this, notably
those listed in [34-43], among others.

This study proposes a robust statistical framework based on the generalized Student’s
t-Birnbaum-Saunders (GTBS) distribution as a suitable model for fatigue failure. The aim
of this study is twofold. First, a flexible generalization for the BS distribution is proposed
to model fatigue failure. Second, since estimating the distributional properties of a proba-
bility distribution (e.g., survivability, hazard rate, etc.) necessitates obtaining appropriate
estimations for the model parameters using appropriate estimation procedures, the model
parameters are being estimated via seven frequentist parametric estimation procedures.
For this study, the considered frequentist parametric estimation methods are the maximum
likelihood estimation (MLE), the least-squares estimation (LSE), the weighted least-squares
estimation (WLSE), the maximum product of spacings estimation (MPSE), the Cramér—von
Mises estimation (CVME), the Anderson-Darling estimation (ADE), and the right-tailed
Anderson-Darling estimation (RADE) methods. It is important to mention that it is as-
sumed that the obtained estimators from these methods exist and are unique. It is essential
to note that the GTBS model and its sub-models do not directly incorporate microstructural
variables (e.g., grain size or phase distribution). However, its formulation inherently cap-
tures the statistical characteristics of fatigue life data, often resulting from such underlying
heterogeneity. In complex metallic alloys, variations in microstructural features frequently
lead to substantial scatter in fatigue life, particularly in the presence of extreme values or
heavy tails. The GTBS distribution extends the classical two-parameter BS model by intro-
ducing a shape parameter and incorporating heavy-tailed behavior through the Student’s
t kernel via a degrees-of-freedom parameter, allowing for a possible modeling flexibility.
As a result, the GTBS model offers a statistically rigorous and computationally tractable
framework for representing the stochastic effects of material structure, particularly when
direct physical measurements are unavailable. It is therefore especially well-suited for
analyzing fatigue life data in advanced alloys, where conventional models such as the
Weibull, gamma, lognormal, or BS distributions may be insufficient.

The remainder of this study is arranged as follows. Section 2 briefly overviews the
proposed generalization for the BS distribution and its sub-models. Section 3 defines
the previously named estimation approaches of the study. Section 4 reports the statistical
analysis of two real datasets. Section 5 summarizes Monte Carlo simulation outcomes from
which estimation efficiency is numerically examined and assessed. The study is concluded
in Section 6 with a summary and future research directions.
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2. A Generalized Student’s t-Birnbaum-Saunders Distribution

A non-negative continuous random variable X is said to follow the generalized Stu-
dent’s t BS (GTBS) distribution with location parameter > 0, scale parameter ¢ > 0, shape
parameter 6 > 0, and degrees of freedom parameter v > 0 if the associated cumulative
distribution function (CDF) is expressed as:

F(x;e):cpvqx;“r—[xi'yr) x>, ?)

such that @, (-) is the CDF of the standard Student’s  distribution with degrees of freedom
parameter v > 0, and 6 = (u,0,6,v) is the vector of model parameters defined on a
parameter space R* . The probability density function (PDF) of the GTBS distribution is
obtained by differentiating (2) with respect to x, i.e.,

o=t (57 [ (] [5) oo o

where ¢, (+) is the PDF of the standard Student’s ¢ distribution with degrees of freedom
parameter v > 0. For more details about Student’s t distribution and its properties, see,
for example, [44,45]. It is important to mention that most conducted studies about the BS
distribution and its extensions and generalizations do not assume the existence of a location
parameter; instead, it is typically assumed that the BS distribution has a shape parameter o
and scale parameter  with CDF (1). Table 1 shows the sub-models of the GTBS distribution,
while Figure 1 illustrates the shape of the PDF of the GTBS distribution for various values
of 0 and v assuming the location parameter y = 0 and the scale parameter ¢ = 1 without
loss of any generality. It is essential to note that some sub-models have counterintuitive (i.e.,
undefined) statistical aspects (e.g., the mean and variance). An example of a sub-model is
the Cauchy BS (CBS) distribution.

Table 1. The sub-models of the GTBS lifetime distribution with model parameters vector
0= (u0,0,v)eRL.

Model 0
Location-scale Cauchy BS distribution (CBS) (1,0, % 1)
Location-scale BS distribution (BS) (1,0, % ,00)
Location-scale Student’s t BS distribution (TBS) (1,0, % V)
Generalized Cauchy BS distribution (GCBS) (n,0,0,1)
Generalized BS distribution (GBS) (1,0,0,00)
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Figure 1. The GTBS distribution PDF assuming the location parameter y = 0 and the scale parameter
o =1, and different values of f and v: (a) v = 1. (b) v = 10. (c) v = 30. (d) v — oo.

3. Estimation Procedures

The estimation approaches of interest for the parameters of the GTBS distribution

mentioned in the preceding introductory section are considered in this part of the study.

It is essential to mention that this study considers the degrees of freedom parameter to

be a natural number, ie., v = 1,2,... without loss of generality. Moreover, all estima-

tion methods are obtained using the following profiling algorithm when estimating the
model parameters:

1. Forvi =1tovybyl:

(@)

(b)

Determine the estimators of the model parameters y, o and 6 by optimizing an
objective function proposed in this section using suitable initial values;
Compete the value of the optimized objective function;
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2. Using a convergence criterion, choose the value of v that maximizes the objective
function g(6|x) if the estimators are obtained by solving a maximization problem;
otherwise, choose the value of v that minimizes the objective function g(60|x) if the esti-
mators are obtained by solving a minimization problem. For this study, the considered
convergence criterion is given by:

7

g(0k|x)
1- S )
‘ 8(0rs1/%)

where € > O is relatively smalland k = 1,..., N.

A similar approach is considered in the study by [24]. Furthermore, all mathematical
derivatives with respect to the model parameters required by the upcoming optimization
problems are provided in Appendix A for the sake of conciseness.

Much research is still required. For example, Bayesian estimation methods could be
explored and compared with the frequentist approaches considered in this study. Further-
more, estimation efficiency and model fit could be assessed under censored data structures,
such as progressive or hybrid censoring schemes.

3.1. Maximum Likelihood Estimation

The estimation theory of maximum likelihood is an extensively used statistical frame-
work in which the parameters of lifetime models are estimated by maximizing a likelihood-
based objective function; namely, the log-likelihood function. This type of estimation is
versatile and asymptotically efficient; thus, the estimators obtained from this approach have
become a fundamental tool in numerous scientific disciplines. Suppose x = [x1,x2, ..., X4]
is an observed random sample of size 1 from the GTBS distribution. The MLEs are obtained
by solving the following maximization problem:

n n n
maximize ((0]x) =nlogf—oc ) logz;+ ) _log (zf + z;e) + Y log [gbv (z? - z;9>]
i=1 i=1 i=1

st u,0,0,vcRY,
where z; = 0~ (x; — ).

3.2. Least-Squares Estimations

The least-squares estimators (LSEs) and the weighted least-squares estimators (WLSEs)
are obtained using an approach similar to [46] in which the beta distribution param-
eters are estimated. Recall that x = [x1,xp,...,x,] is an observed random sample,
and let x1.,, < x2., < --- < Xy be the corresponding observed order statistics. Thus,
F(x1.4;0),...,F(xy;n; 0) are the order statistics form a standard uniform distribution with
expected values and variances given by:

E[F(xin0)] = —— and V[F(xi0)] =

iln—i+1)
(n+1)2(n+1)’

respectively, such thati = 1,...,n [47]. The LSEs of 0 of the GTBS distribution are obtained
by solving the following minimization problem:

n

.12

i

minimize ) w; [cpv 22 _2?9 _ ] 5)
i=1 ( . l”) n+1

st. u,0,0,ve Ri
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such that z;.,, = 0~ !(x;., — ) and w; = 1,Vi. However, if wi_l = V[F(x;.;; 0)] in the above
minimization problem, then the solution for the minimization problem is the WLSEs for 6.

3.3. Maximum Produce of Spacings Estimation

The maximum product of spacings estimation framework is another approach that
requires solving a maximization problem to obtain maximum product of spacings estima-
tors (MPSEs). The latter estimators rival those obtained under the maximum likelihood
framework in terms of estimation effectiveness and asymptotic aspects [48-51]. An impor-
tant note is that the calculation of the MPSEs becomes complicated if ties are present, as the
standard method cannot be applied directly. Instead, a generalized maximum product of
spacings approach proposed by [52] must be used. Recall that x1., < x2., < -+ < Xy
represent the observed order statistics from a random sample of size n. The MPSEs for 6
are acquired numerically by solving the following maximization problem:

1 ntl
maximize ——— E{ log(A) (6)

st wo,0,veRY,

where
b, Z?:n - z;g) ifi=1
A; = b, z?:n — z;f) — &, (z?_lzn — z;elzn) fl<i<mn -
1—®, (25, —z.0) ifi=n+1

3.4. Minimum Distance Estimations

The remaining three estimators, the CVMEs, ADEs, and RADEs, are obtained
from the CVME, ADE, and RADE methods, respectively. These methods minimize
goodness-of-fit statistics based on the theoretical CDF of the underlying model. The
CVMEs of 6 are obtained by evaluating the following minimization problem recalling
that x1.; < X2y < - -+ < Xy are the corresponding observed order statistics of a random
sample of size n:

. 1 3 0 g\ 2i—1)?
minimize Ton + g {cbv (Zi:n - Zi:n) T o ] )
st. w,0o,0,ve ]R4+
Alternatively , the ADEs and RADE:s of 0 are obtained by solving:
. 1 2 — 1 loed. (2 0
minimize —# — - 1:21( i—1)log®, (Zi:n - Zi:n)
1 & . 0 -0
— ;(21 —1)log [1 - Dy (Zn+1—i:n - Zn+1—i:n)]
st. u,0,0,veERY 8)
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and

n n

minimize 5~ 2) @, (Z?;n - Zz_ng>
i=1
1&G . 0 —6
- ;(21 —1)log [1 -, (Zn+1fi:n - Zn+1—i:n)] ©)
i=
st. pu,0,0,veERY,

respectively.

4. Applications

This section is bipartite. The first part of this section illustrates the applicability of the
proposed model by analyzing real data and evaluating the goodness-of-fit compared to the
sub-models under the maximum likelihood framework. In the second part of this section,
the methods in the preceding section are used to estimate the main model parameters,
and the acquired estimators are compared per some statistical aspects obtained using
parametric bootstrapping. As a simulation technique, bootstrapping requires the ability to
simulate random variates from the model of interest, which can be performed using the
quantile function (QF). The latter function for the GTBS distribution is given by:

Q(u,0)=pu+o 7 , O<u<l, (10)

such that ®;1(-) is the inverse of the CDF of the standard Student’s t distribution with
degrees of freedom parameter v > 0.

The first dataset considered in this study was obtained from [53,54], containing stress-
life (SN) data for welded specimens made of steel S690QL, assuming 144 megapascal (MPa).
SN data are used to evaluate the relationship between stress and the number of cycles to
failure. The considered data (in 100 cycles) are: 2826.80, 3095.70, 3551.00, 3983.19, 4560.20
4564.80, 4966.52, 5232.00, 5547.26, 6477.26, 6615.50, 6832.64, 7394.15, 8274.73, 8856.00,
8971.83, 9890.00, and 12,006.40.

The second dataset to be analyzed was acquired from [55,56], containing strain-life (eN)
data for commercial pure titanium (CP-Ti), assuming a modulus of elasticity of 108.21 GPa
and tensile strength (TS) of 418.23 MPa. The base material plates were made by rolling
and the fatigue specimens were cut in the rolling direction. All specimens were ground
and then polished using metallographic abrasive paper and a grinding rod to exclude the
effect of outer and inner surface roughness. These treatments were applied before the
fatigue tests. The considered data (in log cycles) are: 4.329682569, 4.230959556, 3.923658422,
3.798995734, 3.720076573, 3.77815125, 3.431685345, 3.343999069, 3.362859303, 3.418963831,
3.211921084, 3.121231455, 3.087071206, 3.077004327, 2.953276337, and 2.851258349.

All numerical analyses and results presented in this part of the study and the following
one were performed using R, an environment for statistical computing [57]. To account for
potential outliers in the data, robust summary statistics were computed for each dataset,
including the minimum, first quartile (Q;), median (Q>), third quartile (Q3), maximum,
and the median absolute deviation (MAD). Moreover, the objective functions in the previous
section were optimized using a limited-memory BFGS method [58]. Although it has a
built-in implementation within R via the optim function, the 1bfgs function from the
nloptr is considered instead. The latter package solves optimization problems using an R
interface to NLopt, a free/open-source library for nonlinear optimization. It has different
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free optimization routines available online as well as original implementations of various
other algorithms [59]. The reason for choosing the limited-memory efficient optimization
approach is that the optimization problems of interest have box constraints.

Before applying the limited-memory BFGS method to solve the optimization problems,
it is essential to note that the location parameter y is part of the domain of the random
variable. This situation disrupts one of the standard regularity conditions required for
maximum likelihood estimation. These conditions are crucial for ensuring the consistency,
asymptotic normality, existence, and efficiency of MLEs; see [60,61] for further discussion.
Consequently, a re-parameterization of the location parameter is given by u = x1,, — 6,
where 0 < § < x1.,. This re-parameterization resolves the underlying issue.

4.1. Goodness-of-Fit Evaluation

The parameters of the GTBS distribution and its sub-models per Table 1 are estimated
under the maximum likelihood framework as part of this study. The Kolmogorov—-Smirnov
(KS) [62,63], Anderson—Darling (AD) [64], and Cramér—von Mises (CVM) [65,66] statistics
are used to check the goodness-of-fit of the fitted models. A parametric bootstrap approach
with B = 1000 resamples is considered for calculating the p-values for these statistics.
The latter statistical approach is implemented as follows. First, the GTBS model parameters
p,0 and 6 are estimated from the observed data, producing 7, & and 6, while the estimator
of ¥ is obtained via profiling. Afterward, for the sub-model, part of the model parameters
is estimated since some of the parameters become known; for example, in the case of the
CBS distribution, 8 = 0.5 and v = 1, while 8§ = 0.5 and v — oo in the case of the BS
distribution. Consequently, the obtained estimators are then utilized to acquire B bootstrap
samples from the underlying model. The goodness-of-fit statistics are computed for each
bootstrap sample, and this procedure is repeated B times to approximate the distribution
of test statistics. The bootstrap-based p-value is calculated as the proportion of bootstrap
statistics exceeding the observed test statistic. For additional details and information about
bootstrapping, readers may refer to [67-69].

Table 2 reports the SN and eN data summary statistics. These summary statistics
reveal that the considered datasets seem to be from heavy-tailed populations since the gap
between the median and Q3 and the maximum is noticeably not small. Table 3 shows the
data analysis for the SN dataset alongside the considered goodness-of-fit metrics, while
Table 4 provides similar information but for the eN dataset. Both tables indicate that the
sub-model of the GTBS distribution, i.e., the GBS distribution, fits the data better than its
counterparts, followed by its generalization. The GBS and GTBS are very close in terms of
goodness-of-fit. To strengthen the latter conclusion, Figures 2 and 3 visually support the
claim that the GTBS model is suitable for both data sets.

Table 2. Summary statistics for SN and eN datasets. The distances between Q,, Qs3, and the maximum
value are noticeably large, which may suggest that the data follow a heavy-tail probabilistic model.

Data Minimum Q1 Median Q3 Maximum MAD
SN 2826.8 4561.35 6012.26 8054.585 12,006.4 2580.562
eN 2.8512583 3.1126914 3.3909116 3.7833624 4.3296826 0.4767095
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Table 3. SN data analysis and goodness-of-fit. The GBS model achieved the smallest values for all
goodness-of-fit statistics. Since the corresponding parametric bootstrap p-value exceeds the standard
significance level, there is insufficient evidence to reject the hypothesis that the GTBS, GCBS, and GBS
models describe the data better than their sub-models.

Model fl o 0 7 KS p-Value AD p-Value CVM p-Value
GTBS 203.11 5595.92 1.2534 6 0.1084 0.9371 0.1687 0.9800 0.0251 0.9650
GCBS 2156.48 3927.38 1.2208 1* 0.1206 0.8412 0.4357 0.6803 0.0605 0.6933
GBS 203.11 5595.92 1.1335 oo * 0.1026 0.9600 0.1502 0.9960 0.0213 0.9930
TBS 2705.21 2802.40 0.5*% 3 0.1464 0.4805 0.5549 0.3477 0.0749 0.3776
CBS 2826.80 3138.20 0.5% 1* 0.2312 0.0260 1.5333 0.0949 0.1584 0.0519
BS 2395.51 2775.06 0.5% oo * 0.1794 0.2537 0.5999 0.2637 0.1104 0.2118
* The values are fixed, not estimated.
Table 4. The analysis of the eN data and the corresponding goodness-of-fit. The GBS model achieved
the smallest values for all goodness-of-fit statistics. Once again, the corresponding parametric
bootstrap p-value was above the standard significance level, i.e., there is not enough evidence to
reject the claim that the GTBS, GBS and BS distributions properly fit the data.
Model il g ] 1 KS p-Value AD p-Value CVM p-Value
GTBS 2.3208 1.0758 1.2843 20 0.1254 0.6194 0.2014 0.7882 0.0313 0.7353
GCBS 2.8513 0.5525 0.5051 1* 0.2444 0.0310 1.2857 0.0170 0.1484 0.0420
GBS 2.2840 1.1144 1.2921 oo * 0.1226 0.7143 0.1982 0.8392 0.0306 0.7982
TBS 2.7853 0.5089 0.5% 16 0.1654 0.3996 0.5644 0.2478 0.0913 0.2398
CBS 2.8513 0.5521 0.5% 1* 0.2460 0.0300 1.2960 0.0999 0.1515 0.0549
BS 2.7745 0.5085 0.5% oo * 0.1748 0.4006 0.5960 0.2857 0.1014 0.2657

* The values are fixed, not estimated.
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Figure 2. Comparing the empirical CDF (ECDF) to the fitting CDFs under the maximum likelihood

framework based on the SN data.
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Figure 3. Comparing the ECDF to the fitting CDFs using the maximum likelihood theory based on
the eN data.

4.2. Estimation Efficiency Assessment

In the previous part of the study, goodness-of-fit analysis has been conducted under the
maximum likelihood framework; however, is it the best approach to estimate the considered
model parameters? The joint relative efficiency (JRE) is calculated using bootstrap samples
to answer this question. According to [70], one can define the joint relative efficiency
(JRE) as:

+ RMSE*(¢) + RMSE* (6)

RE -
] + RMSE* (¢) + RMSE* (8)

x 100%,

~— | —

~ RMSE*(ji
- RMSE*(
such that RMSE* (#) and RMSE* (@) are the bootstrap root mean square errors (RMSEs) of
the MLEs and the other estimators under consideration for ¢, where ¢ corresponds to y, o
or 6. Note that the bootstrap estimator is acquired using an approach similar to the one
mentioned previously. If the value of the JRE is larger than 100%, then the MLEs are jointly
more efficient than the other estimators. Table 5 reveals that the MLEs did not outperform
the considered estimation methods except for the RADEs in terms of JRE. In contrast,
Table 6 shows that the MLEs are jointly more efficient than the LSEs, CVMEs, and RADEs.
This might be due to the small sample sizes of the considered datasets.

Table 5. Estimation efficiency assessment of seven estimation methods in terms of JREs based on SN
data. Note that RMSE* (j1) = 2185.23 , RMSE*(¢") = 521.18, and RMSE* (§) = 0.6324.

Model RMSE* (ji) RMSE* () RMSE* () JRE (%)
LSE 2268.99 308.50 0.6619 95.2388
WLSE 2079.67 529.08 0.5303 96.3884
MPSE 1634.82 641.45 0.5106 84.1059
CVME 2418.33 281.60 0.7406 99.7649
ADE 2488.87 174.21 0.7881 98.4053
RADE 2550.32 412.58 0.7846 109.4804
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Table 6. Estimation efficiency evaluation of seven estimation methods in terms of JREs based on eN
data. Note that RMSE* (1) = 1.0309, RMSE* (&) = 1.0758, and RMSE* (6) = 1.6558.

Model RMSE* (ji) RMSE* (&) RMSE* () JRE (%)
LSE 1.1746 1.2281 1.3998 101.06
WLSE 1.1207 1.1789 1.3209 96.22
MPSE 1.0806 1.1184 1.4709 97.54
CVME 1.2483 1.3001 1.8118 115.88
ADE 1.0598 1.1130 1.4767 97.00
RADE 1.1976 1.3149 1.7335 112.85

5. Monte Carlo Simulation Outcomes

Simulation studies have a vital role in evaluating the performance of estimation
procedures across different settings, offering a reliable framework for assessing their
effectiveness and precision. Researchers frequently employ Monte Carlo simulation studies
to analyze and compare estimation efficiency when multiple estimators are considered for
the parameters of a given model in practical applications. Thus, numerical insights from
both statistical and sometimes computational viewpoints are provided.

This part of the study reports the Monte Carlo simulation outcomes. These results
reflect the performance of the considered estimation methods, assuming different sample
sizes and parameters with different values. That is, the simulation study results help iden-
tify the most effective and consistent estimation method for the GTBS model parameters.
All numerical outcomes are based on N = 1000 random samples generated from the GTBS
model. The options for the sample size and the model parameters are n = 10, 25, 50, 100, 250,
u=0,0=160=0251,24 and v = 5,10, 15,30 without loss of generality. The compar-
ison and evaluation metric of choice for the estimation efficiency is the RMSE, and it is
defined similarly to what was mentioned in the preceding application section. For instance,
the RMSE for the estimator of y is given by:

RMSE(f1) =

where N = 1000 and fI; is an estimator of the model parameter y based on simulation run i.
As shown in the previous section, goodness-of-fit analysis for the fitted model parameters
alongside estimation efficiency provides additional insights on performance. The mean
absolute difference between the actual and estimated CDFs (D,,s) and the maximum
absolute difference between the actual and estimated CDFs (Dmax) are two goodness-of-fit
metrics that are given by:

1 N .
Daps = TN Z;Z;’F(xj;ﬂ) — F(x;6;)|,
i=1j=
and
1 .
Dinax = ~ F(xj;0) — F(x;;;)],
max Ng]:fl)flj (x] ) (X] z)

respectively, where F(x; 0) is given by (2), and 8, is an estimator of the vector of model
parameters 0 based on simulation run i. For computational convenience, min-max normal-
ization is considered for all metrics to help in data visualization and interpretation and to
reduce the impact of outliers (if any); see, for example, ref. [71] for further details.

When the normalized RMSEs approach zero as the sample size increases, the estima-
tors are computationally efficient, regardless of the underlying probability distribution.
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Moreover, estimators are deemed effective if the goodness-of-fit metrics D,,s and Dmax
are minimized and tend to zero as the sample size increases and remains robust to the
other factors, such as the heaviness of the distribution’s tail or the existence of outliers,

for example. Figures 4-8 reveal the following observations:

The estimators of u behave similarly for small values of 0. As the value of 0 starts
to increase, both MLE and MPSE of y perform better than the remaining estimation
procedures; nevertheless, when the value of 6 surges, some of the other estimation
methods provide better estimates for y.

The MLEs of ¢ and 0 are less efficient than the other estimators for small values of 0;
however, once the value of § increases, the methods behave similarly, especially when
the sample size is large enough. MLEs, MPSEs, and ADEs of ¢ and 0 surpass the other
estimates for larger values of 6 in terms of RMSEs.

For the goodness-of-fit measurements D,p,g and Dmax, MLEs performed well com-
pared to the remaining estimators for small values of 6, while MLEs, MPSEs,
and ADEs slightly did not perform well for large values of 6 unless the sample
size is large enough.

Opverall, all methods behave similarly when the sample size is large enough as expected
in terms of estimation efficiency and goodness-of-fit.

6=0.25 =1

0=2 0=4
<
&
<
1.0
N
0.6
0.4
Io.z
0.0
<
2 €8 8% 28888 283 88 2 &8 8§

2 8
Sample Size

oL=

GL=

og=

Figure 4. RMSEs for the estimators of i obtained using simulation. All methods behave similarly
for small values of 8. When the value of 0 starts to increase, both MLE and MPSE outperform the
remaining estimation techniques; however, when the value of § dramatically increases, some of the
other estimation methods provide better estimates than the MLE and MPSE.
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Figure 5. RMSEs for the estimators of ¢ obtained using simulation. For small values of 6, the MLE
is less efficient than the other estimators. When the value of 6 increases, the methods act similarly,
especially when the sample size is large enough. Nevertheless, MLE, MPSE, and ADE outperform
the other estimates for larger values of 6.
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Figure 6. RMSE:s for the estimators of 6 obtained using simulation. MLE is less efficient than the
other estimators for small values of 6. As the value of § increases, the methods behave similarly,
especially when the sample size is large enough. However, MLE, MPSE, and ADE outperform the
other estimates for larger values of 6.
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Figure 7. Simulated mean absolute difference between the actual and fitted CDFs. MLEs outperform
the remaining estimators for small values of 6, while MLEs, MPSEs, and ADEs slightly did not
perform well for large values. For large sample sizes, all methods perform similarly.

34



Crystals 2025, 15, 575

Dmax

o
- QO o 2

2 8 8 88 2 88 888§ 2 8 8 8 g
Sample Size
Figure 8. Simulated maximum absolute difference between the actual and fitted CDFs. Again,

for small values of 8, MLEs surpass the remaining estimates, while for large values, MLEs, MPSEs,
and ADEs slightly did not perform well. For large sample sizes, all methods perform similarly.

6. Conclusions

This paper addressed one potential approach to modeling fatigue data using a statis-
tical model called the GTBS family of lifetime distributions. The main contributions and
findings of this study can be summarized as follows:

35



Crystals 2025, 15, 575

® A generalization of the conventional two-parameter BS distribution was considered.
The model of interest, known as the GTBS distribution, extends the classical BS family
by incorporating a shape parameter and heavy-tailed behavior via a Student’s t kernel.

e The model parameters were estimated using seven frequentist methods, including
maximum likelihood, least squares, and spacing- and distance-based approaches.

e The validity of the model and its sub-models was verified using real fatigue data.
Specifically, two real fatigue datasets were analyzed, and the GTBS model provided
superior goodness-of-fit compared to its sub-models, as evidenced by bootstrapped
KS, AD, and CVM statistics. Nevertheless, the GTBS model is expected to perform
even better when the sample size is sufficiently large.

e In addition to the practical applications, estimation efficiency was demonstrated
through Monte Carlo simulations. The results showed that the GTBS model, par-
ticularly under the MLE and MPSE methods, performs well in terms of RMSE and
goodness-of-fit metrics across a range of parameter settings and sample sizes.
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Appendix A. Mathematical Derivatives

This appendix contains the first-order derivatives for the CDF (2) and the log-
likelihood function ¢(60|x) with respect to the model parameters, which are part of the
gradients of the objective functions required by the limited-memory BFGS algorithm to
perform the optimization process. Note that z; = ¢~ !(x; — u), and it is easy to show that

of _ 9l s — _
3 = — oy Since p = X1y d.

Appendix A.1. First-Order Derivatives of the CDF

0
aF(x; 0) = —f(x;0),
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2 F(50) =~ (x— W f(x:0),

%F(x 0) = 1og<x;”> ({x;}l]f)* [JJ)"’V([XQVF‘ Liﬂr)

Appendix A.2. First-Order Derivatives of the Log-Likelihood Function
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Abstract

Understanding and optimizing the relationship between critical processing parameters
(rotational speed and dwell time) and the resulting weld performance is crucial for the
effective application of friction stir spot welding (FSSW) in joining aluminum alloys. FSSW
is an increasingly important solid-state, clean technology alternative for joining lightweight
alloys such as AA5052-H32 in various industries. To optimize this technique for lap joint
configurations, the current study examines the influence of rotational speeds (500, 1000,
and 1500 rpm) and dwell times (1, 2, and 3 s) on the heat input energy, hardness across weld
zones, and tensile/shear load, using a full factorial Design-Expert (DOE) analysis. The
FSSW responses of the numerical model were validated using the experimental results for
the spot-welded joints. The findings indicate that the dwell time significantly affected the
mechanical properties, while the tool rotational speed had a substantial effect on the heat
input energy and mechanical properties. Fracture surfaces predominantly exhibited ductile
failure with diverse dimple morphologies, consistent with the enhanced tensile properties
under optimal parameters. The presence of finer dimples suggests a mixed-mode fracture
involving shear.

Keywords: AA 5052-H32; rotational speed; dwell time; response surface methodology
(RSM); mechanical behavior; statistical modeling; heat input energy

1. Introduction

Aluminum alloys are highly regarded as lightweight materials due to their low density,
high specific strength, corrosion resistance, impact resistance, and recyclability [1]. Their
growing use in the transportation industry, replacing traditional steel, has led to significant
weight reduction in vehicles [2]. This improves performance and fuel efficiency and reduces
emissions, supporting global sustainability efforts [3]. Therefore, the need to join aluminum
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alloys in numerous applications, such as automotive, aerospace, and marine industries, has
driven the development of advanced welding methods and the optimization of existing
welding process parameters [4]. Traditional methods for spot-joining aluminum alloys,
such as mechanical fastening (riveting) [5] and electrical resistance welding [5,6], present
several limitations. Riveting is associated with low production efficiency and the use of
harsh environmental conditions [4], while resistance spot welding suffers from high energy
consumption, excessive current requirements, and significant joint distortion [7,8].

While friction stir welding (FSW) and friction stir spot welding (FSSW) both employ
a rotating tool to generate frictional heat and plasticize material, their mechanics and
applications differ significantly. FSW produces continuous linear welds by traversing the
tool along a joint line, making it suitable for long-seam applications. In contrast, FSSW
creates discrete nugget-style joints by plunging the tool at a single spot without linear
movement, making it ideal for lap-sheet assemblies that require localized joining with
minimal thermal distortion [9,10]. In fact, friction stir spot welding (FSSW) [11-14] derived
from friction stir welding (FSW) [10,15], where it is used to join overlapping similar or
dissimilar material sheets. Moreover, it is effective for joining materials with lower energy
consumption that are difficult to weld using traditional joining methods. The produced
welds have high strength, fatigue resistance, and lower defects such as porosity, cracks, and
sheet distortion [16-18]. FSSW is a promising technology for engineering industries seeking
lightweight, high-strength, and defect-free joints, especially in applications involving non-
ferrous materials [19-22]. These applications include the automotive, aerospace, electronics,
and shipbuilding industries [23,24].

Zhang et al. [1] investigated applying two variants of FSSW: conventional FSSW
and walking FSSW. They used AA5052-H112 alloy sheets with a 1 mm thickness and
examined the effect of FSSW parameters in terms of rotational speed and dwell time on
the microstructure and mechanical properties of joints. The welding parameters included
rotational speeds of 1541 and 2256 rpm and dwell times of 5, 10, and 15 s. They reported
that the highest tensile/shear load of 2847.7 N was achieved in joints welded at 1541 rpm
and 5 s. Additionally, the FSSW joint strength decreased with increasing rotational speed
at a constant dwell time, which can be attributed to the higher heat input energy and the
resulting softening of the joint material.

Mitlin et al. [25] studied the effect of the plunge depth on the microstructure and
mechanical properties of FSSW joints of AA 6111-T4 alloy. The AA 6111-T4 alloy dimensions
were 1 mm in thickness, 25 mm in width, and 100 mm in length. Their findings indicated
that the tool plunge depth had a minor effect on the FSSW joint strength. Additionally, they
observed that increasing the plunge depth reduced the thickness of the upper sheet.

Tiwan et al. [26] studied the influence of FSSW variables, including the pin geometry
(cylindrical and step pin) and tool rotational speed (900, 1400, and 1800 rpm), on the
mechanical behavior of AA5052-H112 welded joints. They found that the highest tensile
strength was obtained using the cylindrical pin at rotational speeds of 900 and 1400 rpm.
Furthermore, the shear and cross-tension loads of welded joints initially improved as the
rotational speed increased from 900 to 1400 rpm but decreased when the speed reached
1800 rpm. Conversely, joints processed with a step pin at higher rotational speeds showed
reduced shear loads but increased cross-tension loads.

Response Surface Methodology (RSM) utilizing designs such as Face-Centered Com-
posite Design (FCCD) offers a statistical approach to maximizing the yield of a specific
material through the optimization of its processing parameters. The analysis of variance
(ANOVA) response surface method investigates the relationships between many process
variables and one or more response variables [27,28]. FCCD based on RSM offer a sta-
tistical approach to maximizing the yield of a specific material through the optimization
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of its processing parameters [29]. RSM has recently become popular for formulation op-
timization, particularly when paired with a suitable design of experiments [30]. Unlike
traditional approaches, the RSM methodology can identify how process factors interact
with one another [31]. Tutar et al. [32] employed a mathematical model based on Taguchi
orthogonal array for optimizing the spot welding parameters of 3 mm thick AA3003-H12
in terms of plunge depths (3.2, 4, and 4.8 mm), tool rotational speeds (1500, 2000, and
2500 rpm), and dwell times (1.5, 2, and 2.5 s) with a threaded cylindrical pin and concave
shoulder. Their results showed that plunge depth had the strongest influence on joint
strength (69.26% contribution), followed by rotational speed and dwell time. The optimal
welding parameters were a dwell time of 2 s, a plunge depth of 4.8 mm, and a rotational
speed of 1500 rpm. However, their study had two key limitations: (1) the use of a short
pin (3 mm) required an excessive plunge depth (~1.8 mm insertion beyond the pin length),
potentially causing keyhole defects in the 6 mm thick lap joint; and (2) their model was
specifically developed for AA3003-H12 and cannot be directly applied to other aluminum
series such as 5XXX alloys, due to differences in the chemical composition and thermal
properties, particularly when joining thinner sheets.

Despite previous studies [1,4,8] on the friction stir spot welding (FSSW) of AA5052
alloys, a critical gap remains in the systematic optimization of two key parameters, the tool
rotational speed and welding time (dwell time), particularly in lower parameter ranges
(rotational speed < 1500 rpm; dwell time < 5 s) for AA5052-H32 alloy. Prior studies
have predominantly focused on high-energy regimes (rotational speed > 1500 rpm, dwell
time > 5 s [1]), leaving the thermo-mechanical effects and microstructure-property correla-
tions at moderate parameters underexplored. Ahmed et al., in two separate studies [4,8],
explored more practical 2 mm AA5052-H32 sheets but employed restrictive one-factor-at-
a-time approaches. In the first work [4], they varied only the dwell time (1-3 s) at a fixed
rotational speed of 500 rpm to produce spot joints in AA5052 aluminum alloy, while in the
second work [8], they examined only the effect of the rotational speed (500-1500 rpm) at a
fixed dwell time of 2 s on joint performance. These studies represent isolated investigations,
examining only one parameter at a time, and both ignored statistical optimization and the
microstructure—property correlations. Furthermore, the synergistic interaction between the
rotational speed and dwell time, which critically governs the heat input, grain refinement,
and joint strength, lacks rigorous statistical modeling via RSM. Addressing this gap is
essential to expand the industrial applicability of FSSW, especially for thin-walled AA5052
applications that demand precise thermal management combined with high productivity,
where a reduced welding time and minimized heat input are desirable.

While RSM has demonstrated effectiveness in optimizing FSW [33,34] and FSSW [35]
processes for various materials, its specific application to the FSSW of AA5052-H32, specifi-
cally for investigating the interaction effects between the tool rotational speed and dwell
time in low-to-moderate ranges (<1500 rpm, <5 s) remains underexplored in the literature.

Thus, the novelty of this work lies in developing the first integrated statistical response
methodology based on FCCD for AA5052-H32 FSSW that systematically correlates the
welding parameters in terms of tool rotational speed (500-1500 rpm) and dwell time (1-3 s)
with multi-objective performance metrics critical for lightweight automotive and aerospace
applications. Unlike previous fragmented studies, our RSM approach simultaneously
models three key industrial response variables: (1) heat input energy (governing process
efficiency); (2) stir zone (5Z) hardness (linked to microstructure evolution); and (3) maxi-
mum shear load (determining joint reliability), capturing their complex interdependencies
through ANOVA-validated mathematical models. This represents a paradigm shift from
conventional one-factor-at-a-time studies by providing (1) a physics-informed statistical
framework for parameter optimization, (2) quantitative prediction of the mechanical be-
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havior under varying energy inputs, and (3) a scientific basis for industrial process control
in friction stir spot welding applications.

2. Materials and Methods
2.1. Starting Materials and FSSW Procedure

In the present work, spot welds were produced in a lap joint configuration using
as-received AA5052-H32 aluminum alloy sheets with dimensions of 150 mm (length) x
40 mm (width) x 2 mm (thickness). Tables 1 and 2 illustrate the chemical composition and
mechanical performance, respectively, of the AA5052-H32 alloy:.

Table 1. Chemical composition of the AA5052-H32 alloy.

Chemical Composition
Element Mn Si Mg Zn Fe Cu Cr Al
Wt.% 0.042 0.080 2.21 0.029 0.218  0.0037  0.152 Bal.

Table 2. Mechanical characteristics of the AA5052-H32 alloy.

Mechanical Properties

Property UTS (MPa) Yield Strength (MPa) Elongation (%) Shear Strength (MPa)  Hardness (Hv)

AA5052-H32 228 +2 193 12 138 68 =2

An FSSW machine (Model-EG-FSW-M1, Suez, Egypt) [36] was employed to weld
AA5052 lap joints (Figure 1a). The designed tool dimensions were a shoulder diameter of
20 mm, a pin diameter of 5 mm, and a pin length of 3 mm, as shown in Figure 1b. This
tool was fabricated from H13 steel. Based on numerous preliminary experiments and our
previous findings [4,8], as well as additional testing and investigation, this study focused
on optimizing key FSSW parameters for AA5052-H32 (Table 3) while maintaining the
following constant conditions: 3 mm plunge depth, 0.1 mm/s plunge rate, and a 0-degree
tilt angle [4,8].

Table 3. The processing variables for the experimental design.

Codes
FSSW P i
SS arameters Units 1 0 1
Rotational speed rpm 500 1000 1500
Dwell time S 1 2 3

2.2. Characterization of FSSW Joints

Weld cross-sections were prepared according to ASTM E384-73 for microstructural
and hardness analysis. The hardness distribution in the weld zones (SZ: stir zone, TMAZ:
thermomechanical affected zone, and HAZ: heat affected zone) was evaluated using a
Vickers hardness tester (HWDV-75, TTS Unlimited, Osaka, Japan) with a 5 N load and 15 s
indentation time.
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Figure 1. (a) FSSW process and clamping system, (b) FSSW tool setup used, (c) FSSW specimens
(all dimensions in mm) with two backing sheets, (d) side and (e) front view of AA5052-H32 FSSW
specimen under tensile-shear testing.

In addition, tensile/shear testing was conducted on the spot-welded joints fabricated
at various rotational speeds and dwelling times, using the specimen lap joint configuration
(Figure 1c). The tensile/shear test was performed at the usual quasi-static strain rate of
0.05 mm/s using a universal testing machine (Type-WDW-300D, Jinan, China), as shown
in Figure 1d,e. The welding factors are shown in Table 3. For microstructural evaluation for
both the base metal (BM) and the spot-welded specimens, the cross-sectioned specimens
were investigated via an electron backscatter diffraction (EBSD) technique using a Quanta
FEG 250 SEM (FEI Company, Hillsboro, OR, USA). The specimens were mechanically
polished and subsequently electropolished for 60 s at —15 °C and 14 V. In addition, the
fractured surfaces were investigated using the same Quanta FEG 250 SEM (Manufacturer
is Field Electron and Ion Company, Hillsboro, OR, USA).

2.3. Regression Model

The RSM used in this part utilizes an FCCD and has three autonomous parameters
that are block- and repeat-free.
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Based on Equation (1), the design expert software (Version 10) prediction for the
experimental result is given below [27,34]:

k k
Y =5+ Ei:l Bi Xi+ 21‘:1 Bir X2 + Zi Z]"Bij XiXj+e @

where Y, Bo, BiX;, Bi X?, BijXiXj, k, and € are the expected response, steady coefficient,
linear major impact, non-linear impact, and the interaction impact of variables, reflecting
the number of process variables and error, respectively. There are three basic steps in this
method. In the initial stage, numerous FCCD method runs are performed, and different
FSSW factor values are experimented. Regression modeling is the second phase, which
involves creating and developing a compatible mathematical model of the interaction
between the FSSW response and experimental input components. The final improvement
is to characterize how each FSSW factor contributes to the correct output FSSW response.
The mathematical factors were estimated using ANOVA and FCCD. The important aspects
of the FSSW technique are evaluated using the RSM data analysis based on the two-
factor, three-level FCCD method (L27 orthogonal array). The analysis revealed significant
correlations between the process parameters (rotational speed and dwell time) and the
response variables, confirming that the friction stir spot welding (FSSW) conditions could be
effectively modeled using second-order polynomial equations within the current statistical
framework. The complete design matrix with corresponding response characteristics is
presented in Table 4.

Table 4. Input FSSW parameters against the response of mechanical properties for AA5052-H32.

Input FSSW Variables Response of Mechanical Properties
Exp. Run  A: Rotational B: Dwell Heat Input  SZ Hardness, TMAZ HAZ Maximum
Speed, Rpm Time, S Energy, ] Hv Hardness, Hv Hardness, Hv Shear Load, N
1 1 1 6137 62.8 55.8 59.1 1986
2 1 0 4500 78.6 74.1 62.4 2461
3 -1 -1 771 88.2 77.8 66.1 3696
4 1 0 4500 81 76 63.8 2569
5 1 -1 2366 85 82.4 61.4 3301
6 0 1 3892 84.2 80.9 64.1 2493
7 1 -1 2366 83 81.6 64.2 3190
8 0 -1 1316 81.5 77.5 65.7 2897
9 -1 -1 771 86.6 76 67 3660
10 -1 1 2092 97.6 84.1 63.7 3957
11 0 0 2609 86.9 82.1 64.7 2935
12 -1 0 1525 107.1 91.2 64.6 4421
13 0 0 2609 89 84 63.1 3000
14 1 -1 2366 81.7 79.6 63.9 3215
15 -1 1 2092 94.3 80 65.4 3820
16 1 0 4500 79.4 75.6 60.5 2511
17 0 0 2609 924 86.3 62 3215
18 -1 -1 771 84.7 74.3 69.3 3594
19 1 1 6137 66 59.7 57.3 2113
20 -1 0 1525 102.3 87 66.3 4330
21 0 1 3892 86.7 82.1 62.4 2668
22 0 1 3892 87.8 83.7 60.7 2781
23 0 -1 1316 84.2 79.2 64.8 3156
24 1 1 6137 64.8 57.3 58.4 2074
25 0 -1 1316 85.1 81.7 62.6 3234
26 -1 0 1525 100.5 85.9 67.9 4269
27 -1 1 2092 92.4 78.6 66.8 3712
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The R? coefficient of determination was used to quantify the reasonable degree of the
experimental response to the polynomial mathematical modeling equation [37]. Therefore,
the F-test was subsequently applied to assess the significance of each term in the poly-
nomial equation, demonstrating 99.08% confidence in the model’s validity. The analysis
revealed significant correlations between the process parameters (rotational speed and
dwell time) and the response variables, confirming that the friction stir spot welding (FSSW)
conditions could be effectively modeled using second-order polynomial equations within
the current statistical framework. The complete design matrix with corresponding response
characteristics is presented in Table 4.

3. Results
3.1. Mechanical Properties of AA 5052-H32 Spot-Welded Specimens

To assess the joint’s strength, the efficiency of the joining process, and its effect on
the material’s internal structure, the hardness and tensile/shear load of the fabricated
joints were analyzed. The measured SZ hardness values are presented in Figure 2. At all
constant dwell times (1 s, 2 s, and 3 s), the average hardness values of the SZ of the FSSW
AA5052-H32 joint decrease with the increase in rotational speed from 500 to 1500 rpm.
This consistent trend can be attributed to the higher welding heat input energy and the
consequent increased width of the softened area as the rotational speed increases [38].
Otherwise, the highest hardness values of 102.3 Hv, 89 Hv, and 85 Hv are found at rotational
speed of 500, 1000, and 1500 rpm, respectively, at a fixed dwell time of 2 s. It can be
concluded that the optimum spot welding parameters to have the highest hardness are a
2 s holding time and a 500 rpm rotational speed. Regarding the effect of different dwell
times, the FSSW joint spot welded at the lowest dwell time of 1 s generates insufficient
heat input energy to create good mixing and wide SZ size. Conversely, the highest dwell
time generates high heat input energy, which causes softening of the welded zone area
and a decrease in the area beneath the shoulder. From these results, it can be noted that
increasing the dwell time causes a decrease in the hardness, which is in good agreement
with the previous study [12]. Figure 3 illustrates the relationship between the maximum
tensile/shear strength and the applied rotational speeds and dwell times. At a constant
dwell time of 2 s, the highest tensile/shear load is noted at a rotational speed of 500 rpm.
Furthermore, the maximum tensile/shear load values decrease with an increase in the
rotational speed from 500 rpm to 1500 rpm at a constant dwell time. This reduction in
maximum tensile/shear load can be attributed to higher heat input energy, which results in
the softening of the welded areas of the FSSW joints. Moreover, this result is in agreement
with the measured hardness values. Hence, we can conclude that the optimum processing
parameters for spot welding to achieve the highest mechanical properties are a 500 rpm
rotational speed and a dwell time of 2 s. From the discussed results, it is clear that both a
high rotational speed and an extended dwell time negatively impact both the hardness and
joint strength [26,39]. After tensile-shear testing, the fracture surfaces of both the 5052-H32
base alloy and the produced FSSW joints were investigated using an ETD-SEM detector, as
shown in Figure 4. It can be noted that the primary failure mechanism was ductile fracture,
evidenced by the presence of dimples with various sizes and forms, indicative of severe
plastic deformation prior to rupture [40]. Furthermore, the observation of finer dimples
suggests a superimposed shear component to this ductile fracture, potentially influenced
by the refined microstructure achieved through the optimized FSSW parameters.
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Figure 2. The average hardness values measured in SZ of the produced spot welds processed at
various rotational speed (500, 1000, 1500 rpm) and dwell times.
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Figure 3. Provides a comparison of the maximum tensile/shear strength of the produced spot welds
across a range of rotational speeds (500-1500 rpm) and dwell times (1, 2, and 3 s).
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Figure 4. The fracture surface for the BM (a) and spot-welded joints processed at various dwell times
and rotational speeds: (b) 500 rpm and 1 s, (¢) 500 rpm and 2 s, (d) 500 rpm and 3 s, (e) 1000 rpm
and 1 s, (f) 1000 rpm and 2 s, (g) 1000 rpm and 3 s, (h) 1500 rpm and 1 s, (i) 1500 rpm and 2 s, and
(j) 1500 rpm and 3 s.
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3.2. Microstructure of AA 5052-H32 Spot-Welded Specimen

Based on the mechanical behavior of the produced FSSW joints, microstructural
characterization was conducted via EBSD on optimally selected samples, including the
AA5052 base alloy and SZ of spot-welded specimens. EBSD analysis was performed for
welds produced at a constant dwell time of 2 s with varying rotational speeds (500, 1000,
and 1500 rpm). The results are presented as (1) inverse pole figure (IPF)-colored maps with
corresponding grain size distribution analyses (Figure 5) and (2) grain boundary maps
with associated misorientation angle distributions (Figure 6).
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Figure 5. IPF-colored maps and grain size analysis of the BM and SZ microstructures of friction
stir welded samples at different tool rotational speeds and a fixed dwell time of 2 s: (a,b) BM,
(c,d) 500 rpm, (e,f) 1000 rpm, and (g,h) 1500 rpm.
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Figure 6. Represented grain boundary maps and misorientation angle analysis of the BM and SZ

microstructures of friction stir welded samples at different rotational speeds and a fixed dwell time
of 2 s: (a,b) BM, (c,d) 500 rpm, (e,f) 1000 rpm, and (g,h) 1500 rpm.

From Figure 5, it can be noted that the coarse equiaxed grains of the AA5052-H32

BM (Figure 5a,b) have an approximately average grain size diameter of 38.5 um. As

a result of the lap spot welding of AA5052-H32 sheets, the grains are refined and the

microstructure is dominated by dynamic recrystallization due to high-temperature plastic

deformation. Moreover, the finest grain size diameter of 4.1 pm is found in the spot-welded
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joint processed at a dwell time of 2 s and a rotational speed of 500 rpm (Figure 5c,d).
However, the plasticized, deformed grains become coarser with an increase in rotational
speed from 500 rpm to 1500 rpm. This can be attributed to the higher heat input energy
and increased plastic deformation energy. The spot-welded joint at the highest rotational
speed has an average grain size diameter of 11.2 um (Figure 5g,h).

Figure 6 reveals that the grain boundary map of the AA5052-H32 BM predominantly
features high-angle grain boundaries (>15°), as shown in Figure 6a,b, which are represented
by black lines. As a result of the spot welding of AA5052-H32, the density of low-angle grain
boundaries (<15°) increases with increasing rotational speed from 500 rpm to 1500 rpm.
This increase in low-angle grain boundaries (<15°) can be ascribed to the high heat input
energy generated and severe dynamic plastic deformation (Figure 6¢-h).

3.3. Development of RSM for AA 5052-H32 Specimens

The experimental results have undergone analysis of variance (ANOVA) to create a
regression model and identify significant input parameters and interactions. The R? value
is used to analyze the fit between model-predicted values and experimentally acquired
values and to determine the model’s suitability. The correlation between them is better
when the R? value is higher. These situations have high enough R? values, which show
a strong fit between the expected and measured data. As a result, appropriate response
models are created using ANOVA analysis. The results of the ANOVA analysis are used to
create the final models for heat input energy, SZ hardness, TMAZ hardness, HAZ hardness,
and maximum shear load. Additionally, using the backward elimination procedure while
considering the p-values, the insignificant terms from the ANOVA analysis are eliminated.
When the p-values against each term of variables (linear, square, and interaction impact)
decrease below 0.05 (i.e., in this example, the 99.08% confidence interval), larger p-values
that signify the least significance are gradually eliminated. Tables 5-9 display the findings of
the final ANOVA for heat input energy, SZ hardness, and maximum shear load, respectively.
Thus, the R? and R?-predicted values for heat input energy in Table 5 are 99.08% and 98.89%,
respectively, indicating that the predictions are accurate, and the design space has been
thoroughly examined. Additionally, p-values for both the rotational speed and dwell time
model factors are <0.0001. They indicate that both factors have a significant effect on heat
input energy. Furthermore, the R? value indicates a good fit of the model with the data,
and the low p-values confirm the statistical significance.

Table 5. ANOVA for heat input energy.

Source Sum of Squares Df Mean Squares F-Value  p-Value
Model 7.101 x 107 3 2.367 x 107 829.33 <0.0001  Significant
A-Rotational 3711 x 107 1 3711 x 107 130020  <0.0001
Speed
B-Dwell Time 2.940 x 107 1 2.940 x 107 1030.06 <0.0001
AB 4502 x 100 1 4502 x 100 157.73 <0.0001
Residual 6.564 x 10° 23 28,541.18
Lack of Fit 6.564 x 10° 5 1.313 x 10°
Pure Error 0.0000 18 0.0000
Cor Total 7.167 x 107 26
Std. Dev. 168.94 R? 0.9908
Mean 2800.89 Adjusted R? 0.9896
CV% 6.03 Predicted R? 0.9889
Adeq Precision 83.4697
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Table 6. ANOVA for SZ hardness.

Source Sum of Squares Df Mean Squares F-Value p-Value
Model 2675.69 7 382.24 62.72  <0.0001 Significant
A-Rotational 837.80 1 837.80 13747 <0.0001
Speed
B-Dwell 10.40 1 10.40 1.71 0.2070
Time
AB 545.40 1 545.40 89.49  <0.0001
A2 7.11 1 7.11 1.17 0.2935
B2 351.65 1 351.65 57.70  <0.0001
AZB 61.62 1 61.62 10.11 0.0049
AB? 47.38 1 47.38 7.77 0.0117
Residual 115.80 19 6.09
Lack of Fit 29.56 1 29.56 6.17 0.0231  Significant
Pure Error 86.24 18 4.79
Cor Total 2791.49 26
Std. Dev. 2.47 R? 0.9585
Mean 85.70 Adjusted R? 0.9432
CV% 2.88 Predicted R? 0.9194
Adeq Precision 27.6805
Table 7. ANOVA for TMAZ hardness.
Source Sum of Squares Df Mean Squares F-Value p-Value
Model 1785.38 7 255.05 4858  <0.0001 Significant
A-Rotational 245.76 1 245.76 4681 <0.0001
Speed
B-Dwell 11.48 1 11.48 2.19 0.1556
Time
AB 607.76 1 607.76 115.77  <0.0001
A2 177.85 1 177.85 33.88  <0.0001
B2 232.71 1 232.71 4433  <0.0001
A2B 147.22 1 147.22 28.04  <0.0001
AB? 13.94 1 13.94 2.65 0.1197
Residual 99.75 19 5.25
Lack of Fit 26.01 1 26.01 6.35 0.0214  Significant
Pure Error 73.74 18 4.10
Cor Total 1885.13 26
Std. Dev. 2.29 R2 0.9471
Mean 78.31 Adjusted R? 0.9276
CV% 2.93 Predicted R? 0.8954
Adeq Precision 23.2206

The R? and R2-predicted values for the SZ hardness in Table 6 are 95.85% and 91.94%,
respectively. These values, being close to 1, indicate the model’s adequacy. From Table 6,
the p-values for both the rotational speed and dwell time factors are <0.0001 and 0.2070,
respectively. These indicate that the rotational speed, as a model factor, has a significant
effect on SZ hardness, but the dwell time does not have a significant effect on SZ hardness.
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Table 8. ANOVA for HAZ hardness.

Source Sum of Squares Df Mean Squares F-Value p-Value
Model 164.47 3 54.82 25.02  <0.0001 Significant
A-Rotational 118.07 1 118.07 5380 <0.0001
Speed
B-Dwell 40.80 1 40.80 1862  0.0003
Time
AB 5.60 1 5.60 2.56 0.1234
Residual 50.39 23 2.19
Lack of Fit 8.27 5 1.65 07063 06262  Notsig-
nificant
Pure Error 4213 18 2.34
Cor Total 214.86 26
Std. Dev. 1.48 R2 0.7655
Mean 63.64 Adjusted R? 0.7349
CV% 2.33 Predicted R? 0.6767
Adeq Precision 14.2759
Table 9. ANOVA for a maximum shear load.
Source Sum of Squares Df Mean Squares F-Value p-Value
Model 1.145 x 107 6 1.909 x 10° 50.44 <0.0001  Significant
A-Rotational o \oh g6 1 gos2x 105 21275 <0.0001
Speed
B-Dwell 3015x10° 1 3.015 x 10° 797 0.0105
Time
AB 1.382 x 10° 1 1.382 x 10° 36.51 <0.0001
A? 6.938 x 10° 1 6938 x 10° 18.33 0.0004
B2 2.781 x 10° 1 2781 x 10° 7.35 0.0135
A2B 2567.11 1 2567.11 0.0678  0.7972
Residual 7569 x 10° 20  37,847.44
Lack of Fit 5.413 x 10° 2 2707 x 10° 2260  <0.0001 Significant
Pure Error 2.156 x 10° 18 11,977.89
Cor Total 1.221 x 107 26
Std. Dev. 194.54 R2 0.9380
Mean 3157.70 Adjusted R? 0.9194
CV% 6.16 Predicted R? 0.8925
Adeq Precision 21.6217

Table 7 shows that the R? and R?-predicted values for TMAZ hardness are 94.71%
and 89.54%, respectively. From this table, it can be noted that the p-values for both the

rotational speed and dwell time factors are <0.0001 and 0.1556, respectively. These indicate

that the rotational speed, as a model factor, has a significant effect on TMAZ hardness, but

the dwell time does not have a significant effect on TMAZ hardness.

Moreover, the R? and R?-predicted values for the HAZ hardness in Table 8 are 76.55%
and 67.67%. Table 9 shows that the R? and R?-predicted values for the maximum shear
load are 93.8% and 89.25%, respectively. Furthermore, the p-values for both the rotational

speed and dwell time factors are <0.0001 and 0.0105, respectively. It can be noted that these

factors have a significant effect on the FSSW joint strength. These results are in agreement
with other published data [32].
A mathematical second-order equation was formulated using regression analysis

to describe the relationship between the input parameters of the FSSW process and the

resulting output responses. Therefore, the regression model coefficients for the heat input
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energy, SZ hardness, TMAZ hardness, HAZ hardness, and maximum shear load were
calculated with Design-Expert (version 10) software at a 99.08% confidence level. According
to the summary of model statistics, the quadratic model is the most suitable for prediction
and was therefore employed to predict the responses. Equations (2) to (6) represent the
final regression models for the heat input energy, SZ hardness, TMAZ hardness, HAZ
hardness, and tensile/shear load based on ANOVA analysis, respectively:

Heat input energy (KJ) = —176.77778 + (0.421667 x A) + (53 x B) 4+ (1.225 x A x B)

SZ Hardness (Hv) = +54.44815 — (0.023222 x A) + (57.25556 x B) — (0.009617 x A x B)-+
(0.000027 x AZ) _ (14.53889 x Bz) — (0.000016 % A2 x B) + (0.006883 % A X BZ)

TMAZ Hardness (Hv

)
(0.000027 X AZ) (9.96111 X B2) - (0.000024 x A2 x B) 4 (0.003733 % A X BZ)
)

HAZ Hardness (Hv) = +69.03704 — (0.002389 x A) — (0.138889 x B) — (0.001367 X A x B)

Maximum shear load (N) = +4204.96296 — (3.10611 x A) + (121427778 x B) — (0.476 x A X B)+

(0.001563 x A2> — (21527778 BZ) - (0.000101 x A X BZ)

Figure 7a—e compares the measured and predicted values for the heat input energy
(Figure 7a), SZ hardness (Figure 7b), TMAZ hardness (Figure 7c), HAZ hardness (Figure 7d),
and maximum shear load for AA5052-H32 joints (Figure 7e). All measured and predicted
points lie close to the line, indicating that the error is normally distributed. As a result, the
points are close to the measured values, indicating that the predicted values agree well with
the actual values. Figure 7a depicts the heat input energy relationship between predicted
and measured values, revealing a good agreement between the measured and predicted
values. This result is in good agreement with the R? value of 0.9908, which indicates the
model’s adequacy.

Additionally, Figure 7b,c depicts comparison graphs between the predicted and mea-
sured SZ hardness and TMAZ hardness values. The predicted points and the actual points
are close, indicating that the predicted values agree well with the actual values for both
the SZ hardness and TMAZ hardness, and this confirms the model’s adequacy. These
results are also in good agreement with the R? values of 0.9585 for SZ hardness and 0.9471
for TMAZ hardness, which indicates the model’s good fitting and adequacy. While some
discrepancies between the measured and predicted HAZ hardness values are observed
in Figure 7b, these are primarily attributed to the complex thermal gradients and varying
cooling rates inherent to the HAZ'’s transitional position. Despite these localized variations,
which make the HAZ response particularly sensitive, the hardness values remain within
expected ranges for the alloy system and do not compromise the overall validity of our
optimization approach.

The relationship between the predicted and actual maximum shear load values is
given in Figure 7e. Furthermore, the predicted values from the maximum shear load model
appear to be in good agreement with the actual values in this figure. In addition, this
result is confirmed by an R? value of 0.9380, which demonstrates the model’s good fit
and adequacy.
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Figure 7. The scatter graph of the (a) heat input energy, (b) SZ hardness, (¢) TMAZ hardness,
(d) HAZ hardness, and (e) tensile/shear load.

3.4. Effects of Variables on the Output Responses

The major effects of the heat input energy, SZ hardness, and maximum shear load are
depicted in Figure 8, as are the individual effects of the rotational speed and dwell time. In
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this figure, the actual measured data points are represented by dots, while their average
values are shown by square symbols. Dashed lines illustrate the estimated trend behavior
between the measured data points, and continuous lines represent the predicted results
derived from the model. A red cross specifically marks the mean of the measured data at
the selected factors (rotational speed of 1000 rpm and dwell time of 2 s), which were chosen
based on their representation of optimum measured data. Figure 8a shows that increasing
the rotational speed and dwell time increases the heat input energy. As a result, the highest
heat input energy was obtained at a 1500 rpm rotational speed and a 3 s dwell time. The
hardness of the SZ, TMAZ, and HAZ decreases as the heat input energy increases, but
increasing the dwell time increases the hardness, as shown in Figure 8b—d. The best results
for SZ and TMAZ hardness are obtained at a rotational speed of 500 rpm and a dwell time
of 2 s, while the lowest results are attained at a tool rotational speed of 1500 rpm and a
spot-welding time of 1 s. On the other hand, the highest results for the HAZ hardness are
found at 500 rpm and 1 s, while the lowest results are obtained at a tool rotational speed of
1500 rpm and a dwell time of 3 s. In Figure 8e, the maximum shear load decreases with an
increase in the rotational speed from 500 to 1500 rpm and the dwell time from 1 s to 3 s.

3.5. Influences of Two-Factor Interaction on Heat Input Energy, SZ Hardness, and Maximum
Tensile-Shear Load

The dual interaction of the rotational speed and spot-welding time governs the heat
input energy, the SZ hardness and that of adjacent zones (TMAZ, HAZ), and the maxi-
mum tensile shear load of the FSSW joint. Figure 9 depicts a 3D response surface plot of
the effect of the dwell time and rotational speed on the heat input energy, SZ hardness,
TMAZ hardness, HAZ hardness, and maximum tensile shear load for the FSSW 5052-H32
aluminum alloy joints. The impact of the rotational speed and dwell time on the heat
input energy is shown in Figure 9a. The heat input energy is minimized (771 ]) at a low
rotational speed of 500 rpm and a dwell time of 1 s. Conversely, it reaches its maximum
value (up to 6137 ]) at the highest rotational speed of 1500 rpm and a dwell time of 3 s. As
a result, at all dwell times, the heat input energy increases as the rotational speed increases.
Additionally, this figure demonstrates that the rotational speed and dwell time have a
greater impact on the heat input. Figure 9b illustrates how the rotational speed and dwell
duration influence the hardness within the SZ of the produced FSSW samples. It is worth
noting that the SZ hardness reaches its lowest value of 81 Hv when the rotational speed is
1000 rpm and the dwell time is 1 s. With a rotational speed of 500 rpm and a dwell time
of 2 s, the highest SZ hardness value of 110 Hv is obtained. As a result, as the rotational
speed increases, the hardness of the SZ decreases. Hence, the rotational speed has a greater
effect on the SZ hardness than the dwell time. The main focus of the maximum tensile
shear load is to assess the strength and plasticity of FSSW materials and to investigate the
effect of processing parameters on the performance of the produced specimens. As shown
in Figure e, the higher shear load is obtained at the mean rotational speed of 500 rpm
and a 2 s dwell time, whereas the lowest shear load is obtained at the rotational speed of
1500 rpm and dwell time of 3 s. The findings demonstrate that the duration of the dwell
time significantly influences the maximum tensile shear load.
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3.6. Optimization of FSSW Variables via the Desirability Approach

Many statistical strategies can be used to solve optimization problems, but due to
their generality and software simplicity, the desirability method is often preferred. This
method determines the best operating conditions to achieve the desired response values.
The optimization of a desirability function involves three key stages: Initially, the desired
outcomes for each measured variable, including the welding parameters, should be defined.
Next, the acceptable range (minimum and maximum values) for each of these variables
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should be specified. Finally, the desired operating conditions should be inputted to see
the model’s predicted outcomes. Table 10 depicts the optimization criteria utilized in the
current study. All responses are converted to an individual degree of freedom on a scale of 0
to 1. The combination of FSSW variables with the greatest desirability is considered optimal.
A maximum desirability of approximately 1.00 was accomplished using a rotational speed
of 627.32 rpm and a dwell time of 2.49 s. The predicted heat input energy, SZ hardness,
TMAZ hardness, HAZ hardness, and maximum shear load for the best combination are
2132.48 ], 99.3187 Hv, 87.6418 Hyv, 64.8096 Hv, and 3717.63 N, respectively. The results are
obtained by calculating the tensile-shear load of the weld lap joint using the ramp chart, as
shown in Figure 10.

Table 10. FSSW optimization criteria.

Limits Weights
Constraint Name Units Goal Importance
Lower Upper Lower Upper

Tool rotational speed rpm in range 500 1500 1 1 3
Dwell time s in range 1 3 1 1 3
Heat input energy KJ maximize 771 6137 1 1 3
SZ hardness Hv maximize 62.8 107.1 1 1 3
TMAZ Hv maximize 55.8 91.2 1 1 3
HAZ Hv maximize 57.3 69.3 1 1 3
Maximum shear load N maximize 1986 4421 1 1 3

J— —
500.00 1500.00 1.00 3.00 m 6137
ARotation speed = 627.32 B:Dwell time = 249 Heat input energy = 2132.48
62.8 1071 55.8 91.2 57.3 69.3
SZ hardness = 99.3187 TMAZ hardness = 87.6418 HAZ hardness = 64.8096
"/./'7 @ Maximum desirable values
1986 “n @ Minimum desirable values
Tensile shear load = 3717.63

Figure 10. Ramp chart with optimized FSSW variables for maximizing heat input energy, SZ hardness,
TMAZ hardness, HAZ hardness, and maximum shear load.

3.7. Confirmation Test of the Developed Mathematical Models

To validate the regression models, two confirmation tests were performed. The
values used in the validation tests were all within the specified range. However, these
validation points were distinct from the combinations used to build the initial model (the
FCCD matrix). Hence, the percentage error was calculated by Equation (7). Table 11
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presents the actual and model-predicted results for these validation tests. The observed

difference between the experimental and predicted values was within the 95% confidence

interval, indicating the model’s reliability and good agreement between predictions and

experimental results. As a result, it can be concluded that the developed models are suitable

and applicable to all values within the designed space. Additionally, the developed models

yield nearly accurate results.

Actual value — Predicted value

Percentage error (E%) = - + 100 7
8 (E%) Predicted value @
Table 11. Confirmation of test results for mathematical models.
Exp. No Rotational Dwell Time, Heat Input  SZ Hardness, TMAZ HAZ Maximum
p- o Speed, Rpm S Energy, J Hv Hardness, Hv Hardness, Hv Shear Load, N
Actual 1653.32 94.09 81.76 66.66 4037.22
1. 15 Predicted 1597.1 92.7 78.5 64.0 3960
| Error |, % 3.52 1.51 3.67 4.15 1.95
750
Actual 2660.51 86.68 81.73 65,73 4260.39
2. 2.5 Predicted 2568.8 84.6 78.4 62.3 4150
| Error |, % 3.57 2.46 3.77 5.50 2.66
Actual 2815.32 120.64 85.55 62.92 2446.17
1. 15 Predicted 2726.7 118.4 83.1 60.5 2390
| Error |, % 3.25 1.89 2.95 4.00 2.35
1250
Actual 4460.06 83.17 82.68 61.43 2342.55
2. 2.5 Predicted 4310.9 81.1 79.8 59.1 2300
| Error |, % 3.46 2.55 3.61 3.95 1.85

4. Conclusions

1.

A higher generated frictional heat input decreases the mechanical properties and
increases the material softening of the produced FSSW joints.

RSM was proven to be a precise technique for optimizing the FSSW process to achieve
optimal mechanical properties of the AA5052-H32 weldments. Based on FCCD, RSM
can effectively model and predict the heat input energy, SZ hardness, and maximum
shear load for friction stir spot welding technology.

The ANOVA values showed that the significant terms (F-values) used to build and
develop the mathematical models were 829.33, 62.72, 48.58, 25.02, and 50.44 for the
heat input energy, SZ hardness, TMAZ hardness, HAZ hardness, and maximum shear
load, respectively, indicating that all models were statistically significant.

As a result of the mathematical model, the rotational speed has a significant influence
on the SZ hardness values of AA5052-H32 welded joints. It was noticed that the dwell
time of 1.5 s at rotational speeds of 750 rpm and 1250 rpm possesses the highest SZ
hardness value of 92.7 Hv and 118.4 Hv, respectively.

The predominant fracture mode observed was ductile fracture, characterized by
dimples of varying sizes and shapes. Additionally, the presence of fine dimples
suggests a mixed fracture mechanism involving both shear and ductile modes.
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Abstract

Discontinuous dynamic recrystallization is a critical microstructural evolution mechanism
during high-temperature deformation, influencing material properties significantly. This
study develops a two-dimensional phase-field model to predict steady-state creep rates
in the AZ31 magnesium alloy, focusing on DRX during creep. To enhance simulation
accuracy, initial microstructures are generated from optical microscopy data, enabling sim-
ulations at larger scales with higher representativeness. A novel nucleation methodology
is implemented, eliminating the need for nuclei order parameter adaptation, improving
computational efficiency. Finite element analysis (FEA) is integrated to capture initial
instantaneous deformation. The Kocks—-Mecking model is employed to describe the evolu-
tion of average dislocation density, accounting for work hardening and dynamic recovery
within the initial polycrystalline microstructure. Instead of conventional creep testing,
impression creep, a cost-effective alternative, is used for validation. This method provides
constant stress and steady penetration velocity, simulating creep conditions effectively.
The model accurately predicts recrystallization kinetics and microstructural evolution,
exhibiting a strong correlation with experimental results, with an error of approximately
5%. This research provides a robust and efficient approach for predicting creep behavior
in high-temperature applications, vital for optimizing material selection and predicting
component lifespan in industries. The methodology offers a significant advancement in
understanding and predicting DRX-driven creep behavior.

Keywords: impression creep; phase-field; dynamic recrystallization; magnesium alloy
AZ31; microstructural evolution

1. Introduction

Dynamic recrystallization (DRX) [1,2], meta-dynamic recrystallization (MDRX) [3-5],
and static recrystallization (SRX) [6-8] are the primary mechanisms of microstructural
evolution in metals and alloys. Among them, DRX occurs during plastic deformation at el-
evated temperatures, where the formation of new, strain-free grains replaces the deformed
microstructure. However, it is important to note that DRX does not occur in all materials;
it is particularly prevalent in materials with low-to-medium stacking fault energies [9].
This process is driven by the accumulation of dislocations and the resulting stored energy,
which promotes the nucleation and growth of new grains. DRX is particularly significant
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in hot working processes, such as rolling, forging, and extrusion, as it helps to refine the
grain structure, enhance mechanical properties, and reduce flow stress [10]. Consequently,
the elucidation of grain structure evolution during dynamic recrystallization (DRX) is
paramount for the rational design of thermomechanical processing regimes, enabling the
attainment of targeted microstructural morphologies and the subsequent modulation of
alloy material properties. To this end, predictive models have been formulated to describe
microstructural transformations and DRX kinetics. These include, but are not limited to,
the Johnson-Mehl-Avrami-Kolmogrov (J]MAK) phenomenological model [9] and phys-
ically based models that employ internal state variables such as dislocation density and
subgrain size to characterize DRX evolution [11,12]. The advancement of computational
resources has enhanced the adoption of microstructure-based simulation methodologies.
Peczak et al. [13] and Rollett et al. [14] utilized the Monte Carlo (MC) method to simulate
various aspects of dynamic recrystallization (DRX) during thermomechanical deformation.
Goetz et al. [15] employed a cellular automaton (CA) approach to model DRX, noting its ca-
pacity for calibration to spatial and temporal scales, a feature distinct from the MC method.
Ding et al. [16] developed a cellular automaton (CA) model, integrating microstructural
evolution with plastic flow behavior and establishing a correlation between microstructural
properties and the Zener-Hollomon parameter. This model has demonstrated broad ap-
plicability across diverse materials and phenomena, including magnesium alloys [17-19].
Phase-field (PF) models have emerged as a powerful tool for investigating microstructural
evolution during recrystallization across diverse materials and deformation conditions.
Notably, PF models offer an advantage over cellular automaton (CA) and Monte Carlo
(MC) methods by inherently incorporating interfacial energy and curvature, enabling a
more accurate representation of complex microstructural morphologies. These PF models,
encompassing both static and dynamic recrystallization (SRX and DRX), have integrated
various physical mechanisms and demonstrated broad applicability across a wide range
of materials [20-26]. Takaki et al. [27,28] developed a PF model of DRX and extended the
model by replacing the flow-stress model with an elastic—plastic finite element model in
polycrystalline copper [28]. Similar models were developed by Zhao et al. [29,30] and
Chen et al. [31].

Dynamic recrystallization (DRX) also plays a critical role in influencing the mechanical
behavior of materials during high-temperature deformation. It induces significant softening
of the crystalline structure, which is manifested by a pronounced stress drop in stress—strain
curves and a corresponding increase in creep rate observed in creep curves [32].

The extent of this phenomenon is governed by the kinetics of DRX and the resulting
microstructure, which determine the rate at which the recrystallized state is achieved.
The increase in creep rate is particularly dependent on the interplay between the initial
microstructure and the evolution of the recrystallized grains, as well as the rate at which
new, strain-free grains form and grow under applied stress. Thus, the creep behavior is
intrinsically linked to the dynamics of DRX, underscoring the importance of recrystalliza-
tion kinetics in controlling the mechanical response of materials under high-temperature
deformation conditions [33,34].

Creep and hot deformation are two high-temperature deformation processes that
differ primarily in their loading conditions and experimental approaches. In creep, a
constant external stress is applied to the material, and the resulting strain is measured
as a function of time, reflecting the material’s time-dependent deformation behavior. In
contrast, hot deformation involves imposing a constant strain rate on the material, and
the corresponding stress response is observed. This distinction in loading conditions—
constant stress in creep versus constant strain rate in hot deformation—leads to different
macroscopic mechanical responses and testing methodologies. However, at the microscopic
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scale, both processes share fundamental similarities in terms of dislocation activity and
plastic deformation mechanisms. Thus, while the macroscopic loading conditions differ, the
underlying microscopic mechanisms of plastic deformation are essentially the same [35].

Given the similarities in the underlying microscopic mechanisms of plastic deforma-
tion between creep and hot deformation, the models developed to predict discontinuous
dynamic recrystallization (DDRX) in hot deformation can also be applied to the DDRX
process occurring during creep. However, certain modifications are necessary to account for
the specific loading conditions and time-dependent nature of creep. For instance, the strain
rate in creep is not constant but evolves over time to a steady-state condition. Therefore,
while the core principles of DDRX models remain valid, adjustments must be made to
incorporate the unique aspects of creep. By adapting these models, it becomes possible to
accurately predict DDRX behavior in creep, leveraging the established framework of hot
deformation while addressing the distinct characteristics of creep deformation.

The primary objective of this investigation is to develop a two-dimensional phase-
field model for the prediction of the steady-state creep rate in the AZ31 magnesium alloy,
achieved through the simulation of microstructural evolution during discontinuous dy-
namic recrystallization (DDRX). To enhance the representativeness of the simulations,
initial microstructures are generated from optical microscopy data, rather than relying on
synthetic or limited-scale electron backscatter diffraction (EBSD) datasets. This approach
facilitates larger-scale simulations, more closely approximating industrial processing con-
ditions, while maintaining cost-effectiveness and accessibility. Furthermore, a novel and
efficient nucleation methodology is implemented, eliminating the holding time required for
nuclei order parameter adaptation within the system. Additionally, finite element analysis
(FEA) is integrated to determine the initial instantaneous deformation. The phase-field
model of discontinuous dynamic recrystallization (PF-DDRX) incorporates the Kocks—
Mecking (KM) model [36,37] to describe the evolution of average dislocation density,
accounting for work hardening and dynamic recovery (DRV) within the initial polycrys-
talline microstructure. Creep deformation is simulated by adjusting the finite difference
grid size, maintaining a constant simulation area.

However, instead of the expensive conventional creep testing, the impression creep
technique is used. Impression creep is a small specimen testing technique that has been
employed for many years as an alternative to the costly and time-consuming conventional
uniaxial tensile creep test. It is a modified indentation test wherein the conical or ball
indenter is replaced by a cylindrical flat-bottomed one. This replacement provides constant
stress and steady penetration velocity at a constant load [38,39].

Magnesium alloys, including AZ31, exhibit considerable potential for lightweight-
ing applications in the automotive and aerospace sectors due to their superior specific
strength and stiffness [40]. However, a critical engineering bottleneck hindering their
wider adoption, particularly in high-temperature environments such as automotive power-
train components and certain aerospace structures, is their inherent limitation in creep
resistance [41,42]. Overcoming this limitation necessitates accurate prediction of the steady-
state creep rate, which is paramount for the design and long-term performance assessment
of high-temperature structural components in numerous industrial applications, including
power generation, aerospace, and chemical processing. In these environments, materials
are subjected to sustained loads and elevated temperatures, leading to time-dependent
deformation that can ultimately result in component failure. Precise creep rate prediction
allows engineers to optimize material selection, establish safe operating limits, and predict
component lifespan, thereby ensuring structural integrity, preventing catastrophic failures,
and minimizing costly downtime. Reliable creep rate estimations are therefore essential for
the development of robust and efficient high-temperature systems [43].
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To validate the predictive capabilities of the developed model, impression creep tests
were conducted at varying impression depths, accompanied by microscopic characteriza-
tion of the resulting microstructures. Comparative analysis of experimental and simulated
results demonstrated a strong correlation, thereby substantiating the model’s robustness in
accurately predicting recrystallization kinetics and microstructural evolution.

2. Experimental Procedure
2.1. Microstructural Characterization

The material employed in this study is a commercial AZ31 magnesium alloy with a
chemical composition determined by quantometric analysis and presented in Table 1.

Table 1. Chemical composition of the AZ31 magnesium alloy used in this study (wt. (%)).

Al

Zn Mn Si Cu Fe Be

Mg

3.11

1.02 0.18 0.07 0.012 0.019 0.0008

Bal.

To establish a stable initial microstructure for subsequent creep testing, the as-received
material was homogenized at 450 °C for 5 h and then furnace-cooled. The homogenized
microstructure of the AZ31 alloy is depicted in Figure 1la. Microstructural analysis was
performed using optical microscopy after mechanical polishing and chemical etching
with an acetic picral solution (5 g picric acid, 5 mL acetic acid, 10 mL distilled water,
and 100 mL ethyl alcohol). A fully homogenized microstructure, comprising 91 grains
with a mean size of 32.4 pm, was observed. This characterization was achieved through
a custom MATLAB R2023a script, which performed binary image conversion and sub-
sequent analysis, including grain identification, indexing, and size determination. The
resulting indexed and color-coded grain map and grain size distribution are illustrated in
Figures 1b and 1c, respectively.

o

Frequency (%)
o - N W B @ @ N ® ©

0 10 20 30 40 50
Grain Size (pm)

Figure 1. (a) Microstructure of the as-homogenized AZ31 Mg alloy. (b) Digitized and indexed matrix.
(c) Grain size distribution.

2.2. Impression Creep Testing

The impression creep testing apparatus utilized in this study is comprehensively
detailed in prior research [44]. The system is an in-house designed testing machine, func-
tionally analogous to those reported by Zhang et al. [45] and Kim [46]. It is equipped with
a flat-bottomed cylindrical tungsten carbide indenter, measuring 2 mm in diameter. Speci-
mens with dimensions of 15 mm x 15 mm X 10 mm were prepared from the previously
homogenized material using wire-cut electrical discharge machining (EDM).

The experimental procedure for the impression creep tests is depicted in Figure 2.
During the tests, the specimens were initially heated to a temperature of 250 °C at a rate of
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0.6 K/s. Subsequently, an isothermal dwell period of 300 s was implemented to ensure ther-
mal homogeneity and minimize temperature gradients within the specimens. Following
the stabilization period, a constant stress of 200 MPa was applied. Upon completion of the
creep test, specimens were rapidly quenched in a water bath. Throughout the experimental
procedure, the temperature was maintained within a tolerance of 1 °C of the target value,

ensuring precise thermal control.

Holding: 300 (s) \W

Impression Creep

Testing Temperature: 523 (K)
Impression Pressure: 200 (MPa)

Temperature

Heating Rate
0.6 (K/s)

Water Quenching

Time

Figure 2. The experimental scheme of the impression creep test.

To elucidate the discontinuous dynamic recrystallization (DDRX) mechanisms opera-
tive during impression creep, microstructural analysis was focused on the region directly
beneath the center of the indenter. This zone, characterized by unidirectional downward
material flow [44,47,48], represents the preferential nucleation site for DDRX. For mi-
crostructural characterization, deformed specimens were sectioned axially, bisecting the
impression cavity (as depicted in Figure 3). The sectioned surfaces were then prepared
using standard metallographic techniques, including sequential grinding and polishing,
suitable for optical microscopy.

Sanding
Direction

Figure 3. Schematic representation of the specimen preparation process, highlighting the axial
cross-section of the impression hole for microstructural analysis.

2.3. Finite Element Analysis

The impression creep test has been subjected to extensive scrutiny via finite element
analysis (FEA) in prior research [47,49,50]. While a comprehensive FEA approach has
been established within the existing literature, this current investigation will utilize FEA
solely for the determination of the instantaneous impression depth resulting from the
initial application of a constant load to the indenter. The focus is limited to the elastic—
plastic response immediately following loading, rather than the time-dependent creep
deformation evolution.
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The axisymmetric geometric model of the specimen, along with the rigid indenter,
was imported into the Deform-3D ver. 11.0 simulation environment. The indenter was
designed with a 0.1 mm (5% of the indenter diameter) fillet to avoid stress concentration
at the edges [50]. Material properties, including temperature-dependent flow stress data
obtained from Liu et al. [51], were incorporated into the model using a custom key to
ensure consistency in all material properties used in this study. Boundary conditions were
applied to replicate the experimental setup, including fixed supports, applied force on the
indenter, and thermal boundary conditions. Friction at the contact interfaces was modeled
using a shear friction model with a coefficient of 0.35 [44]. The simulation parameters, such
as time step size and remeshing criteria, were optimized to ensure numerical stability.

3. Multi-Phase-Field DDRX Model

To investigate grain structure evolution during discontinuous dynamic recrystalliza-
tion (DDRX) under deformation, a phase-field model with multi-order parameters was
utilized. The model’s total free energy, representing the inhomogeneous system, is a func-
tional of the orientation field and its gradients. It includes contributions from bulk free
energy (Fp, i), interfacial free energy (F,;) [52], and stored energy field (F;) due to plastic
deformation from dislocation generation [21,23]. This total free energy is defined as follows:

F = Fyyik + Fint + Fs = /v Uourc(11:3) + fine (i}, AVIi}) + fs({mi})] avV 1)

where V is the volume of the system and 7; denotes the orientation field variables, also
known as order parameters [53], used to differentiate individual grains. Two distinct sets
of order parameters are employed: 7; .. (i = 1,...,8,) to describe the initial grains that
deform during the simulation and #;,,,, (i =1,...,¢x) to represent the DRX nuclei. g4
denotes the total number of grains before discontinuous dynamic recrystallization, while g,
represents the number of DDRX nuclei, which increases as the nucleation process proceeds.

The bulk energy term establishes uniform potential wells within grain interiors, driv-
ing grain growth and the subsequent filling of the simulation domain. Conversely, the
gradient energy density is localized to grain boundary regions [54]. These energy contribu-
tions are mathematically represented as follows:

g ’74‘L ’7‘2 53 22,1
Soutk + fine =mo | ) 1Ty +’YZZ’71'77]'+1

i=1 i=1j>i

8
K
+5 2|Vl @)
i=1

where g is the total number of order parameters, m is the energy density coefficient,
and vy is a positive constant set to 1.5 for symmetrical order parameter values across the
grain boundaries. The gradient energy penalty, x, affects both the grain boundary energy
and thickness [55].

The driving force for DRX nuclei growth, arising from the high dislocation density
in deformed grains, is provided by the stored plastic deformation energy density term.
This term is approximated by the stress field of dislocations generated during plastic
deformation, as follows [56]:

fs = 506 ®

where b is the magnitude of the burgers vector and G is the shear modulus. The dislocation
density field, p, is determined at each point from the order parameters and their respective
dislocation densities [22] through the application of Moelans’ interpolation function [57,58]:

5 n0g

@
i

P(771/772//77g) ==

68



Crystals 2025, 15, 453

The dislocation density at each grid point, pg, is obtained from the dislocation evolu-
tion inside the microstructure during the plastic deformation process.

The microstructural evolution is governed by the time-dependent Ginzburg-Landau
equation [53], also referred to as the Allen-Cahn equation [59], which is formulated using
a non-conserved order parameter:

on;(r,t) OF

ot _L(Sm(r, f) ®)

where L is the relaxation coefficient related to the interfacial mobility, ¢ is time, and r is the
spatial position of order parameters in the system. Utilizing the total free energy function,
as defined in Equation (1), the evolution equation governing the system’s behavior is
expressed as follows [22]:

91 3 S 2 > i ,
Mi — g =i+ 13 +29m 512 | — k92 + G2 (o, —p)| i
5t [ 0 < i + 17; ’ijyéi 17 i Z}g:l ;7]2 (Pg P)

(6)
=12,...,8

The spatiotemporal evolution of the dynamic microstructure is determined by numer-
ically solving Equation (6), coupled with constitutive equations describing dislocation evo-
lution and discontinuous dynamic recrystallization nucleation. A finite difference method
is employed to obtain numerical solutions to this coupled system of kinetic equations.
This method discretizes the continuous system onto a discrete lattice [53]. The phase-field
equations are similarly discretized, yielding a system of algebraic equations. The solution
to these algebraic equations provides the phase-field variables at each lattice node. A
common and computationally efficient approach utilizes a finite difference discretization
with uniform lattice spacing, employing a central second-order spatial discretization and a
forward Euler temporal discretization.

To reduce computational cost and resource consumption, active parameter
tracking [60,61] is employed. The computational complexity arising from the numer-
ous DRX nuclei within the system necessitates an efficient approach. To address this, a
sparse data structure is implemented, exploiting the localized activity of phase-field vari-
ables. By restricting computations to the non-zero order parameters at each grid point, a
significant reduction in computational effort is achieved. The determination of the active
order parameters at each location is defined as follows:

P(r,t) ={(i,m) :ni(r, t) > 0} 7)

where ¢ is chosen to be a small positive threshold value, wherein only order parameters
bigger than that are stored.

The following relations were derived for relating the simulation coefficients to the
grain boundary energy, 7., and grain boundary mobility, My, as follows [54]:

3
K= Z'nglgb (8)
4M,,
L=—2 9
W ©)
6
= OTgb (10)
lgb

where [¢), is the grain boundary width, which is a model parameter.
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The boundary mobility for high angle grain boundaries (HAGB), M, (m4]_1s’1) ,is
defined as follows [62]:

Mg, = Moexp (_13}’) (11)

where Qy, is the activation energy for the migration of a HAGB, R is the universal gas
constant, and M is the pre-exponential factor. In view of the solute drag effect, the
strain rate also has an effect on grain boundary mobility. Therefore, M can be improved

as follows [63].
Mgy = Mg exp (‘R%) (12)

The parameters used for the simulation are listed in Table 2.

Table 2. Material properties of the AZ31 magnesium alloy employed in the phase-field model.

Parameter Value Parameter Value
Quct [k] mol—l] 134 [51] 0o [m~2] 1010 [51]
Qy [k mol ] 121.791 [51] pe [m~?] 214 x 10™
R [] morlK*l} 8.314 ky [m~] 3.88 x 10° [51]
Mg, (m4],1s_1) 1.7 x 10713 [17] ks 153.37 [51]
Ygb [J M2 0.332 [64] Ax = Ay [pm] 0.26

G [GPa] 14.7 [41] At [s] 5x 1072
b [A} 3.21 [65] lop [1m] 4Ax

[ [um] 0.363 [64] ) 10

7 [N] 6.82 x 10710 [64] Tseed 14.5Ax
C 85 x 108 [51]

The phase-field method’s inherent diffuse interface necessitates the creation of a fi-
nite width at grain boundaries for initial microstructural representation in discontinuous
dynamic recrystallization simulations. To prevent artificial changes in grain area during
this process, which is especially critical for small grains, a fine grid resolution was im-
plemented. This ensured that the diffuse interface’s characteristic length scale remained
substantially smaller than the minimum grain size, thus avoiding numerical dissolution
of small grains, which results from the interface width becoming comparable to or larger
than grain dimensions. Consequently, to achieve this resolution, the grid size was set to
940 x 940, and the grid spacing, Ax, considering the scale of the original microstructure
and the phase-field grid, was set to 0.266 pm. To ensure sufficient numerical resolution
across the diffuse interface, the grain boundary width, / b, Was set to 4Ax. The simulation
time step, At, was set to 5 x 1072 (s) to maintain numerical stability during simulation.
The 2D microstructure evolution was computed at each grid point using finite difference,
with an eighth-order scheme for spatial derivatives and the Euler forward method for
time integration.

A unique order parameter field was generated for each grain, wherein regions oc-
cupied by grains were assigned a value of 1, and the remaining regions were assigned a
value of 0. This binary field represented the initial sharp interface condition. To initiate
diffuse interface formation, a brief temporal evolution of the order parameter field was
performed according to Equation (6). This evolution was terminated upon the attainment of
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a symmetric diffuse interface profile, ensuring a consistent representation of grain bound-
aries throughout the microstructure. Figure 4 illustrates the processed microstructure,
visualized using order parameters and Equation (13) [66]. As shown, the diffuse interfaces
are accurately formed throughout the simulation domain.

8
_ 2
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Figure 4. Grain topology of the microstructure showing diffuse interface development after holding
time in phase-field model.

3.1. Dislocation Density Evolution

During thermomechanical processing, the dislocation density evolves as a result of
the dynamic interaction between work hardening (WH), dynamic recovery (DRV), and
dynamic recrystallization (DRX) [67,68]. Initially, work hardening, driven by dislocation
generation and entanglement, causes an increase in flow stress with strain. Subsequently,
dynamic recovery, involving dislocation slip and climb [69], counteracts the stress increase
from work hardening. Finally, dynamic recrystallization commences when the dislocation
density (p) reaches a critical value (p.), determined by the following [70]:

.\ 1/3
pe= (;ﬂgbs 2> 14
gbT

where ¢ is the strain rate, I is the mean free path of the dislocation, and 7 is the linear
energy of the dislocation. Dynamic recrystallization induces a substantial decrease in
dislocation density within newly formed grains through dislocation annihilation, leading
to flow stress softening [71,72]. Therefore, the observed flow stress behavior during hot
deformation is a result of the competing mechanisms of work hardening (WH), DRV, and
DRX. The Kocks—Mecking (KM) model provides a framework for describing the relation-
ship between true strain (¢) and local dislocation density (o) within a grain, incorporating

dislocation accumulation from plastic deformation and dynamic recovery, as expressed by

the following:
aps _ k —k
e VPg — kapg (15)
where k; is the WH coefficient related to the accumulation of statistically stored dislocations
(SSDs) [73], and kj is the dynamic recovery coefficient dependent on temperature (T)
and strain rate [16]. Within the framework of the proposed phase-field model, the local
dislocation density (o) is treated as a spatially homogeneous variable within the confines
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of each individual grain constituting the microstructure. Consequently, the model does
not incorporate any spatial heterogeneity or distribution of dislocation density within a
single grain.

Due to the similarities in composition and processing conditions between the AZ31
Mg alloy used in this study and that investigated by Liu et al. [51], all relevant material
parameters, including the Kocks—-Mecking coefficients, were adopted from their work. By
utilizing the well-established parameters from Liu et al., the model benefits from validated
data, thereby reducing uncertainties associated with material property estimation. This
approach ensures that the mechanical responses of the AZ31 Mg alloy in the simulations
align closely with experimentally observed behavior, enhancing the predictive accuracy of
the study.

3.2. Nucleation Process

Experimental observations have shown that during uniform deformation, nucleation
events preferentially initiate at triple junctions and grain boundaries, rather than within
grain interiors [56]. This preference is attributed to the energetically favorable nucleation
sites provided by triple junctions, which possess a higher grain boundary area-to-volume
ratio [74,75]. Therefore, these established assumptions are incorporated into the present
investigation. Specifically, in this study, nuclei are placed exclusively at triple junctions and
grain boundaries, with their spatial distribution randomized.

A circular nucleus, centered at the selected position, is introduced into the sim-
ulation domain. The initial order parameter within this nucleus is governed by the

_ 1 o d = Tseed
0 = 2(1 tanh( Ay >> (16)

where d represents the radial distance from the center of the nucleus, 5,4 denotes the

following function [22]:

radius of the nucleus, and Ax is the grid spacing. Following the introduction of nuclei into
the phase-field domain, an initial relaxation period is necessary to allow the microstructure
to adjust to the newly formed recrystallized grains [76,77]. This requirement addresses the
potential for non-physical artifacts due to overlapping order parameters. It is noteworthy
that this methodology is applicable to static recrystallization (SRX) simulations. In such
simulations, the holding process, which precedes SRX, can be excluded from the compu-
tational domain, thereby not affecting the main microstructure evolution. However, in
discontinuous dynamic recrystallization modeling, the coupled processes of deformation
and nucleation necessitate a different approach. Incorporating a holding time for nuclei
stabilization at each nucleation step is not only computationally inefficient but may also
induce microstructural artifacts, such as anomalous grain growth. To circumvent this issue,
a two-grain simulation was conducted utilizing identical material and model parameters
as the primary simulation. The diffuse interface profile of the order parameters at the grain
boundary was then extracted. Subsequently, a fitting procedure was performed on the
Tseed parameter to ensure the seed order parameter accurately replicated the simulated
diffuse interface profile, as depicted in Figure 5. Finally, during the primary simulation,
upon insertion of each nucleus into the microstructure, the existing order parameters
within the nucleus’s spatial domain were replaced with an exact copy (a replica, Grain
B in Figure 5) of the nucleus’s order parameter profile. This procedure effectively elimi-
nated the requirement for a holding time to establish a symmetrical diffuse interface at
grain boundaries.
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Figure 5. Diffuse interface development in the simulation of two-grain model with fitted ;.4 in the
Equation (16).

Given the determination of nuclei position, size, and order parameter, the quantity
of nuclei introduced per time increment into the dynamically evolving microstructure is
directly proportional to the nucleation rate. Ding and Guo [16] used the following equation
for the nucleation rate:

i = Ciexp < _I%f“) 17)

where C is a material fitting coefficient. Nucleation is initiated at a discrete grid node when
the local dislocation density (p) attains the critical value (o.). Upon reaching this threshold,
a stochastic nucleation event occurs, introducing a quantity of nuclei (dn), as defined by
Equation (18) [78], into the microstructure at each discrete time step. The placement of
these nuclei within the microstructure is randomized, simulating the inherent randomness
of nucleation phenomena.

n — nAtn(lgbeAy (18)

gb

where dn represents the nucleation number, and 7y, representing the count of discrete grid
points defining grain boundaries.

3.3. Grid Deformation Model

The deformation occurring during discontinuous dynamic recrystallization is ap-
proximated by altering the simulation grid dimensions. Takaki et al. [27] employed the
relationship between nominal strain and true strain to calculate the grid dimension in the
y-direction and subsequently determined the grid dimension in the x-direction by main-
taining a constant simulation area. While this method is suitable for simulating uniaxial
compression straining, it is not directly applicable to modeling the impression creep process.
To address this limitation, the results from an upper-bound analysis of the impression creep
test [44] are utilized. Specifically, the relationship between strain rate (¢) and impression
rate (U), derived assuming a constant friction factor of 0.35, is employed. Based on the
value of this constant friction factor, the ratio of impression rate to strain rate (U /€) can be
calculated and used to determine the impression depth, U, as follows.

u— (”) e (19)
)
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(a)

Creep Strain

The indenter displacement, representing the impression depth, is imposed on the sim-
ulation grid along the y-axis. To enforce volume conservation within the two-dimensional
simulation domain during plastic deformation, the spatial discretization along the x-axis
is dynamically scaled. This scaling factor is determined by the inverse ratio of the cur-
rent y-dimension to the initial y-dimension, thereby ensuring that the total area of the
computational domain remains invariant throughout the deformation process.

4. Dynamic Recrystallization During the Impression Creep Testing

Dynamic recrystallization is a critical phenomenon during high-temperature creep
deformation, especially in materials with low stacking fault energy where recovery rates
are slow, allowing sufficient stored energy to accumulate for new grain nucleation and
growth. As evidenced in pure Pb, Ni, austenite [79], and complex alloys like Nimonic
108 [80,81], DRX induces significant softening through dislocation annihilation within
newly formed grains, leading to a rapid increase in creep rate [82], often punctuated by
oscillations [34,83]. This softening is manifested as a pronounced stress drop in stress—
strain curves, reflecting the influence of DRX kinetics and the resulting microstructure on
the rate at which recrystallization occurs. The process commences only when a critical
strain, dependent on stress and temperature, is exceeded, with the critical strain generally
decreasing with increasing stress and temperature. Impurities can also elevate the strain
required for recrystallization [82]. The interplay between the initial microstructure and the
evolution of recrystallized grains, coupled with the formation and growth rate of strain-free
grains under applied stress, dictates the creep behavior, highlighting the fundamental link
between DRX dynamics and the macroscopic mechanical response of materials during
high-temperature deformation.

Figure 6a illustrates schematic creep curves depicting the influence of dynamic recrys-
tallization during conventional tensile creep testing. In the absence of DRX, the expected
stages of primary, secondary (steady-state), and tertiary creep are clearly observable. Con-
versely, the occurrence of DRX manifests as a discernible increase in creep rate immediately
following the establishment of steady-state conditions [82]. This behavior underscores the
softening effect of DRX on the material’s creep resistance. Consistent with the observations
in tensile creep, dynamic recrystallization is also seen in impression creep tests [47,84].
Analogously, Figure 6b demonstrates a similar phenomenon in impression creep curves,
where an elevated impression rate is observed post-DRX initiation. This increase in im-
pression rate reflects the localized softening induced by DRX within the impression zone,
mirroring the macroscopic creep rate enhancement observed in conventional creep testing.

Conventional Creep Curve (b) Impression Creep Curve

Primary Secondary Tertiary Primary Secondary
Creep Creep Creep Creep Creep
E
v
A | emTiaaa---
S g -
o
=]
—— DRX Dominant = ——DRX Dominant
a5 Initial
Initial meila DK Duétz&gnualion —
Deformation
Time Time

Figure 6. Schematic representation of creep curves illustrating the influence of dynamic recrystalliza-
tion (DRX): (a) conventional tensile creep curve demonstrating the DRX-induced accelerated creep;
(b) impression creep curve showing the increase in impression rate following the initiation of DRX.
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Creep and hot deformation are distinct high-temperature deformation processes, pri-
marily differentiated by their loading conditions and experimental methodologies. In creep,
a constant external stress is applied, and the resulting strain is monitored as a function
of time, characterizing the material’s time-dependent deformation behavior. Conversely,
hot deformation involves imposing a constant strain rate, with the corresponding stress
response being measured. This fundamental difference in loading protocols—constant
stress in creep versus constant strain rate in hot deformation—manifests as divergent
macroscopic mechanical responses and testing procedures. However, at the microscopic
level, both processes exhibit fundamental similarities in dislocation activity and plastic
deformation mechanisms. Thus, despite the macroscopic variations in loading, the under-
lying microscopic mechanisms of plastic deformation remain essentially consistent [35].
Consequently, due to this shared microscopic basis, the Kocks—-Mecking model, which
effectively describes dislocation-mediated plastic deformation, can be applied to model
both creep and hot deformation processes.

In conventional dynamic recrystallization modeling, such as for hot compression
processes [27], a constant strain rate is typically imposed. With a fixed time increment (At),
the incremental strain (de) is calculated. Consequently, given the constancy of both strain
rate and Af, de remains constant throughout the simulation. Utilizing the Kocks-Mecking
relationship (Equation (15)), the incremental dislocation density (dp) is computed within
the deformed grains at each time step. This iterative process continues until the dislocation
density reaches the critical value (p.), triggering the initiation of nucleation. The stress at
each time step can then be determined using the following [27]:

0 = aGb\/Pmean (20)

where « is a dislocation interaction coefficient of approximately 0.5. During nucleation,
the dislocation density within the newly formed nuclei is substantially lower than that
of the surrounding deformed grains, leading to a reduction in the average dislocation
density (omean) and consequently, a decrease in stress. However, in creep processes, stress is
maintained constant, and the strain rate is an unknown variable, rendering the incremental
strain (de) indeterminate. Nevertheless, during nucleation, the incremental dislocation
density is determined by the difference between the average dislocation density of the
microstructure prior to and following the nucleation event, dpyeqn. By rearranging the
Kocks-Mecking relationship, the incremental strain can be calculated as follows.

de = Apmear (21)
kq \/ Omean — kzpmean

From the incremental strain data, the strain rate is calculated using the At and de.
Subsequently, these derived parameters are transformed into impression depth and impres-
sion velocity via Equation (19), enabling the construction of the impression depth versus
time curve. Nevertheless, the initial instantaneous deformation and strain rate prior to
discontinuous dynamic recrystallization remain unknown.

The instantaneous deformation can be estimated using finite element analysis. In
this study, the primary creep rate is neglected due to the limited extent of the primary
creep region in impression creep processes [39]. The initial steady-state creep rate (before
DDRX) can be estimated based on existing literature, and the critical dislocation density
for discontinuous dynamic recrystallization is assumed to be consistent with that used in
hot compression simulations (Equation (14)). Utilizing this configuration, the dislocation
density evolution can be predicted under a constant strain rate, employing a methodology
analogous to compression deformation modeling, until the critical dislocation density
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is attained. Following the onset of nucleation, Equation (21) is used to calculate de and
the strain rate. This process continues until complete microstructural recrystallization is
achieved. Consequently, the steady-state creep rate in the impression creep process can
be predicted.

5. Simulation Stages

The numerical procedure for the developed phase-field discontinuous dynamic recrystal-
lization (PF-DDRX) model is illustrated in the flow chart presented in Figure 7. Dislocation
activity is modeled through the dynamic competition between work hardening, dynamic
recovery, and DDRX, as described in Section 3.1. Recrystallization grains nucleate according to
the mechanisms outlined in Section 3.2. The deformation stored energy, acting as an additional
driving force in the PF-DDRX model, interacts with grain boundary energy to govern the
evolution of deformed (DEF) and recrystallized (DRX) grains, as detailed in Section 3. These
simulations provide insights into microstructural evolution and its influence on macroscopic
mechanical responses during impression creep, as well as DRX kinetics.
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Figure 7. Flow chart of the simulation scheme.
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The simulation process comprises the following sequential steps:

1. Initial Microstructure Generation: An initial order parameter field is generated from
an optical microscopy microstructure image.

2. Parameter Initialization: All model and material parameters are input into the simulation.

3.  Initial Deformation and Dislocation Density Calculation: The initial deformation,
obtained from finite element analysis (FEA), is applied to the simulation grid, and the
corresponding dislocation density inside each grain in the microstructure is calculated.

4. Microstructure and Dislocation Evolution Loop: A loop iterates through the grain
dislocation evolution, simulating the interplay of WH, DRV, and DRX.

5. Stochastic Nucleation: Nucleation occurs stochastically at eligible grain boundaries.

6. Incremental Strain and Strain Rate Calculation: After each nucleation event, the
incremental strain and strain rate are calculated, and the values are updated for the
next iterative step.

7. Iteration Continuation: The simulation monitors the fraction of recrystallized volume
at each evolution loop and terminates when complete recrystallization is attained.

6. Results and Discussion

Figure 8 presents the experimental impression creep curve for the AZ31 magnesium
alloy, revealing an instantaneous deformation depth of approximately 63 pm at the test’s
onset. Finite element analysis (FEA), employing material properties and boundary condi-
tions consistent with the experimental setup (250 °C and a constant impression pressure
of 200 MPa), yielded an instantaneous impression depth of approximately 70 um, as illus-
trated in Figure 9. While precise measurement of the instantaneous deformation depth is
challenging in experimental investigations due to factors such as thermal expansion and
the micrometer-scale nature of the deformation, the FEA result demonstrates reasonable
agreement with the experimental data. In accordance with Section 3.3, the FEA-derived
impression depth was first transformed into strain via Equation (19). Subsequently, this
calculated strain, together with pg, was applied to Equation (15) to compute the initial
average dislocation density, p;,;, within the grains. The instantaneous impression depth
and the calculated average dislocation density were then applied as the initial conditions
for the microstructure in the main temporal evolution loop of the phase-field simulation.
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Figure 8. Experimental impression creep data for AZ31 alloy at 250 °C and a constant stress of
200 MPa.
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Figure 9. Finite element analysis (FEA) results illustrating the predicted instantaneous indentation
depth and total displacement contours (shown as vector plot), with boundary conditions matching
the experimental temperature and applied stress.

Figure 8 illustrates that extrapolating a fitted curve from the initial stage of the experi-
mental data, where recrystallization is absent, to later times yields a slope (impression rate)
lower than that observed in the steady-state region. This discrepancy in slope is attributed
to softening induced by discontinuous dynamic recrystallization (DDRX). The fitted and
experimental curves exhibit perfect overlap until approximately 190 s, marking the onset
of DDRX.

Using the conversion factors from the upper-bound analysis of the deformation zone
in the impression creep test [44], the impression pressure and the impression rate can be
converted to the equivalent tensile creep stress and strain rate, respectively, according to

o =yP (22)
¢=pU (23)

where 77 and B are the correlation factors for the stress and strain rate, respectively. The
stress conversion factor for the AZ31 alloy was calculated to be 0.26, and the strain rate
conversion factor was calculated using a suitable velocity field to be 2.22 according to
the instructions detailed in [44]. The impression pressure was converted to stress using
Equation (22). Subsequently, the steady-state creep strain rate was determined via the
Friedel model [41,85], yielding a value of 3.84 x 107> (1/s). This strain rate was then
converted to a value of 1.73 x 107> (mm/s) using Equation (23) and the declared correla-
tion factor. This calculated strain rate is in close agreement with the fitted impression rate
observed in Figure 8. To better optimize the computation of grid size variations during
creep deformation, the calculated strain rate value was rounded to 4 x 1075 (1/s) and
adopted as the initial strain rate for the simulation.

Utilizing the established initial simulation configuration, the temporal evolution
of deformation in the AZ31 magnesium alloy during impression creep was simulated.
Figure 10 presents a comparison between the impression depth versus time curves pre-
dicted by the PE-DDRX model and those obtained experimentally. The results indicate that
the steady-state impression rate is accurately predicted by the phase-field model. Specif-
ically, the predicted value (8.19 x 1075 mm/s) demonstrates close agreement (about 5%
error) with the experimental steady-state impression rate (7.78 x 10~5 mm//s). Furthermore,
the predicted onset of DDRX at 223 s aligns reasonably with the experimental observation
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of 190 s. These findings confirm a strong correlation between the predicted initial impres-
sion depth derived from finite element modeling, the calculated initial impression rate,
and empirical observations. Distinctly, the critical indentation depth for the initiation of
discontinuous dynamic recrystallization can be identified as the point at which the average
dislocation density within the microstructure attains the critical dislocation density, as
determined by Equation (14), exhibiting good agreement with experimental observations
(73 um predicted vs. 75 um measured). The observed deviation between the simulated and
experimental creep curves during the initial transient period (t < 100 s) is attributed to the
model’s inherent assumption of negligible primary creep, which is typically not critical
in creep design. The simulation initiates with an idealized, pre-established deformation
volume and an instantaneous attainment of a constant creep strain rate, contrasting with the
gradual microstructural development characteristic of experimental primary creep. This
simplification was implemented to specifically investigate the steady-state creep regime,
which constitutes the primary objective of this study. Consequently, while the initial kinet-
ics are not fully captured, this assumption is not anticipated to significantly compromise
the accuracy of the predicted steady-state creep rate and the underlying microstructural
evolution mechanisms.
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Figure 10. Simulated impression creep curve for the AZ31 alloy at 250 °C and a constant stress of
200 MPa.

Figure 11 illustrates the microstructural evolution during impression creep at
250 °C and 200 MPa, demonstrating the progression of discontinuous dynamic recrystal-
lization with increasing indentation depth. In this figure, white regions represent initial
grains, colored regions represent recrystallized grains, and lines delineate grain boundaries.
Figure 11a depicts the initial microstructure prior to the onset of nucleation, where the
dislocation density within the grains reaches the critical value. Figure 11b—e present the
simulated microstructural evolution of discontinuous dynamic recrystallization as it occurs
within the impression creep process.

The left column of Figure 11 showcases the evolution of the microstructure, while
the right column presents the corresponding grain size distribution histograms. Initially,
nuclei formation commences at the original grain boundaries (Figure 11b). Subsequently,
new grains nucleate at the boundaries of previously recrystallized grains, leading to
the formation of necklace-like structures characteristic of DRX-induced grain refinement
(Figure 11c—e).
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Figure 11. Simulated microstructural and grain size evolution with increasing depth and time during
impression creep (250 °C, 200 MPa): (a) 73 pm (200 s), (b) 76 um (260 s), (c) 79 um (300 s), (d) 85 pm
(360 s), and (e) 89 um (400 s).
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Analysis of the corresponding grain size distribution histograms (right column of
Figure 11) reveals a progressive shift towards smaller grain sizes as DRX progresses.
Initially, the grain size distribution exhibits a relatively broad range with a peak in the
larger grain size region (Figure 11a). As DRX initiates and new grains form at the original
grain boundaries (Figure 11b), a slight shift towards smaller grain sizes is observed. With
further strain accumulation and the nucleation of new grains at the boundaries of previously
recrystallized grains (Figure 11c—e), the grain size distribution becomes increasingly skewed
towards smaller grain sizes, indicating significant grain refinement. This refinement is
consistent with the observed necklace-like structures and the gradual expansion of DRX
grains into the original grains, as depicted in the left column of Figure 11. The observed
refinement of the average grain size during impression creep is a direct consequence of
the discontinuous dynamic recrystallization (DDRX) mechanism, wherein the continuous
nucleation of fine, strain-free grains leads to a progressive decrease in the overall grain
size of the microstructure. The microstructural evolution observed in the left column of
Figure 11, which illustrates the formation of the necklace-like structures of recrystallized
grains and their subsequent encroachment upon the original, deformed grains, supports
this as well.

Figure 12 illustrates the predicted temporal evolution of the DDRX fraction and
average grain size. Initially, the DDRX fraction remains at zero until 223 s, corresponding
to the point at which the dislocation density inside grains attains the critical value and
DDRX commences. Subsequently, the microstructure undergoes complete recrystallization
by 400 s. Concurrently, the average grain size exhibits a reciprocal trend, demonstrating
a rapid decrease from approximately 32.5 um to 5.5 pm within the first 130 s following
DDRX initiation, before stabilizing at 3.7 pm. This inverse correlation between DDRX
fraction and grain size, consistent with observations in other studies [17,20], underscores
the microstructural refinement resulting from the formation of new, smaller grains during
discontinuous dynamic recrystallization.
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Figure 12. Discontinuous dynamic recrystallization fraction and average grain size evolution during
impression creep simulation.

For the purpose of validating the simulated microstructural evolution, experimental
analysis of the AZ31 magnesium alloy during impression creep testing was conducted using
optical microscopy. The resulting experimental microstructures, illustrated in Figure 13,
exhibit a comparable trend to those predicted by the simulation, as presented in Figure 11.
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Figure 13. Experimental microstructural evolution with increasing indenter depth during impression
creep (250 °C, 200 MPa) at impression depths of (a) 70 um (90 s), (b) 75 um (180 s), (c) 80 um (270 s),
and (d) 90 pm (380 s). The dashed white line indicates the specimen’s surface.

The acquisition of the metallographic images presented herein posed significant
experimental challenges. Precise measurement of impression depth was difficult, and
sample preparation was a protracted process necessitating the utilization of multiple
specimens. As depicted in Figure 13a, the serrated grain boundaries, which are known to
be susceptible to dynamic recrystallization (DRX) [86,87], exhibit no discernible evidence
of DRX at an impression depth of 80 um. However, a limited number of DRX nuclei
are observed at triple junctions, where the elevated grain boundary area-to-volume ratio
appears to promote recrystallization at dislocation densities below the critical threshold [74,
75]. Subsequently, the DRX process is initiated, with nuclei formation occurring along grain
boundaries, resulting in the characteristic necklace structure observed in Figure 13b. Further
progression of the DRX process, as illustrated in Figure 13¢,d, is characterized by the gradual
development of nucleation into the grain interiors, culminating in the formation of DRX
grain colonies [88]. Figure 14a,b present the fully recrystallized microstructure of the AZ31
magnesium alloy, along with an enlarged selected area for detailed microstructural analysis,
respectively. The grain size distribution presented in Figure 14c exhibits a close correlation
between experimental and simulated data. Furthermore, the measured average grain size of
3.16 um demonstrates good agreement with a predicted value of 3.7 pum. This concordance
validates the selected material parameters and model parameters, including the seed
radius (rs.4) and grid spacing and size, confirming their consistency with experimental
observations.

Figure 16 presents a series of assembled microstructure images, obtained from a
specimen subjected to an impression depth of approximately 450 um, to investigate a larger
area in the vicinity of the indenter.

The region immediately adjacent to the indenter exhibits the earliest complete recrys-
tallization during discontinuous dynamic recrystallization, a consequence of the elevated
strain and stress concentrations prevalent in this area. With increasing impression depth,
the strain field expands, and the DRX zone propagates to encompass the larger surrounding
regions of the initially recrystallized microstructure.
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Areas characterized by smaller grain sizes demonstrate accelerated recrystallization
kinetics compared to larger grains. This phenomenon is attributed to the higher dislocation
density within smaller grains at a given strain, coupled with their increased grain boundary-
to-volume ratio, which promotes rapid nucleation and growth.
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Figure 14. Microstructure of AZ31 showing complete recrystallization at 100 um impression depth:
(a) microstructure image, (b) magnified view of the selected region in (a), and (c) grain size distribution
histogram.This study has demonstrated that the developed phase-field model accurately predicts
both the steady-state impression rate and the discontinuous dynamic recrystallization microstructural
evolution during impression creep testing of the AZ31 magnesium alloy. To further elucidate the DRX
phenomenon within this context, microstructural analysis was conducted at progressively increasing
impression depths. As the indenter penetrates deeper into the specimen during the impression creep
process, the DRX regime extends to greater depths and encompasses wider spatial areas, as illustrated
in Figures 15 and 16. The microstructure beneath the DRX colony, indicative of the incipient stage of
discontinuous dynamic recrystallization, exhibits a necklace-like structure.

Figure 15. Experimental microstructural evolution of AZ31 after impression creep testing, focusing
on lower observation depths.

Conversely, larger grains exhibit elevated dislocation densities near their grain bound-
aries due to the accumulation of geometrically necessary dislocations (GNDs), facilitating
the rapid formation of necklace structures. However, their lower intragranular dislocation
density and larger grain volume result in delayed recrystallization, necessitating higher
strains for completion. The increased grain volume and lower average dislocation density
in larger grains contribute to this delayed recrystallization. As observed in the enlarged
region depicted in Figure 16, the DRX colony forms beneath larger grains, despite the
average strain in the upper zone exceeding that of the colony zone.
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Figure 16. Assembled microstructure images of AZ31 after impression creep at an impression depth
of 450 um.

7. Conclusions

This study developed and validated a phase-field model, coupled with the Kocks—
Mecking (KM) dislocation density evolution theory, to predict the steady-state creep rate
and microstructural evolution of the AZ31 magnesium alloy during discontinuous dynamic
recrystallization (DDRX) in impression creep testing. Key findings and contributions are
summarized below:

1.  An algorithm was implemented to extract the initial grain structure directly from
optical microscopy images of the homogenized microstructure. Finite element anal-
ysis (FEA) was then employed to determine the instantaneous deformation, and
the resulting impression depth was applied as the initial condition for the phase-
field model.

2. Model parameters, including hardening and softening coefficients related to disloca-
tion activity, grain boundary energy, and mobility, were obtained from
existing literature.

3.  The predicted impression creep rate of 8.19 x 10~> mm/s demonstrated good agree-
ment with the experimentally measured rate of 7.78 x 107> mm/s.

4. The predicted average grain size of the fully recrystallized microstructure was 3.7 pum,
which also showed good agreement with the experimental observation of 3.16 pm.

5. The predicted recrystallization kinetics and grain topology evolution demonstrated
excellent agreement with experimental observations, validating the model’s predictive
capability for microstructure evolution.

The proposed phase-field model offers a reliable and accurate approach for predicting
the steady-state creep rate, grain size distribution, and microstructural evolution during
DDRX in the AZ31 magnesium alloy. This methodology provides valuable insights for
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lifetime prediction and microstructure development in this material under impression
creep conditions.

Building upon the insights gained from this two-dimensional phase-field model, future
research endeavors could significantly benefit from extending the current framework to
three-dimensional simulations. Such an expansion would enable a more comprehensive
and spatially resolved understanding of the complex microstructural evolution during
discontinuous dynamic recrystallization.
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Abstract

The solid phase transformation of martensitic steel during heat treatment will affect the
stress and temperature. Previous residual stress prediction models ignore the effect of phase
transition on residual stress. In order to predict residual stress accurately, a residual stress
calculation method considering solid phase transition was presented. The measures to
reduce residual stress in quenching medium, cooling rate, and the starting temperature and
tempering temperature of the martensitic transformation were studied. The experimental
results show that residual stress decreases after air cooling. In a certain range, residual stress
can be reduced during heat treatment by decreasing the cooling rate and the martensite
start temperature. The recommended tempering temperature is 380 °C.

Keywords: martensitic steel; martensitic transformation; residual stress; optimization of
heat treatment process; finite element simulation

1. Introduction

Martensitic steel is extensively utilized in transportation and mechanical components
because of its favorable characteristics, including excellent plasticity, extended service
life, and high strength [1-5]. Martensitic steel undergoes the martensitic transformation
during heat treatment. Residual stress is affected by the martensitic transformation [6-9].
The martensitic transformation can lead to volume and yield strength changes, which
will affect the residual stress of martensitic steel after heat treatment [10,11]. The residual
stress produced in the heat treatment process affects the dimensional stability, fatigue
strength, stress corrosion resistance and crack resistance of the member [12,13]. Therefore,
the accurate prediction of residual stress is very important. The experimental method
can only measure the local residual stress of martensitic steel, which has limitations. The
residual stress field of martensitic steel can be obtained by finite element simulation, and
the residual stress of martensitic steel components can be predicted. A residual stress model
that takes into account the martensitic transformation is crucial for accurately forecasting
residual stress, which in turn is essential for optimizing the heat treatment process to
control the residual stress in martensitic steel.

By optimizing the heat treatment process (such as quenching and tempering), the
residual stress during the martensitic transformation can be effectively controlled, thereby
improving the fatigue strength and toughness of the material. By reducing residual stress
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or providing a favorable residual stress state, the service life of structural components
can be significantly extended and the risk of failure reduced. Economic aspects can be
improved by optimizing processes to reduce later repair and replacement costs. In areas
such as the aviation, automotive, and energy sectors, there are extremely high demands on
material properties, and optimizing residual stress is critical to meeting these demands. By
controlling residual stress, material characteristics can be customized to meet performance
requirements in specific applications.

Some studies have measured residual stress in martensitic steels by experimental tests.
The effects of different quenching rates on residual stress were studied by X-ray diffrac-
tion [14]. Although these experiments provide valuable information for understanding
the distribution of residual stress, it is often difficult to fully reflect the residual stress state
under actual process conditions due to the complexity of experimental conditions and
samples. The finite element analysis method has been used to simulate stress evolution
during the martensitic transformation [15]. Although these numerical models can predict
the distribution of residual stress fairly well, they often rely on empirical parameters and
simplified assumptions, and the results may not be accurate enough. In some studies, the
multi-scale model method is used to try to combine the relationship between microstructure
and macroscopic properties to investigate the effect of the martensitic transformation on
residual stress more comprehensively. However, these methods are often computationally
complex and require large amounts of experimental data to verify their accuracy. Most of
the current research focuses on martensitic steels with specific alloy composition, such as
some low-alloy steels, while the research on high-alloy martensitic steels is relatively rare.
The effects of different alloy compositions on the phase transformation process and residual
stress are significantly different, but systematic comparative studies are insufficient. There
are few studies on the effect of new process on the martensitic transformation and residual
stress in the current literature, and many studies are still located in the traditional process
conditions, lacking in-depth discussion under modern manufacturing technology. In this
study, an improved finite element method, combined with the phase field model and the
thermo-mechanical coupling method, is used to simulate the residual stress generation in
the martensitic transformation process more accurately. This method can better consider
the effect of local microstructure change on stress state. This will help optimize the heat
treatment process for specific materials. This study will explore the effects of advanced
heat treatment processes on the martensitic transformation and residual stress, which will
not only enrich theoretical research but also help guide practical industrial applications.

The prediction of residual stress involves thermodynamics, phase transformation
dynamics, and elastoplastic mechanics [16,17]. The residual stress model should take
into account various factors, including heat transfer, metallurgy, and mechanics [18,19].
For martensitic steel, the martensitic transformation has only been considered in a few
studies on welding [20-22]. Wang et al. [23] utilized ABAQUS 2022 to determine the
residual stress distribution in welded joints of martensitic steel. Similarly, Zubairuddin
et al. [24] employed SYSWELD to analyze the stress and deformation in martensitic steel.
Although the martensitic transformation was considered, latent heat was also ignored.
Deng et al. [25] obtained the stress field of martensitic steel through simulation but did not
consider the effect of martensitic phase transition. In their research, the effects of volume
change and yield strength variation resulting from the martensitic transformation were
taken into account, whereas plasticity and latent heat were disregarded. The martensitic
transformation can cause large volume expansion [26]. Chen et al. [27] found in their
research that large volume strain during heat treatment has a significant impact on residual
stress. The effect of phase transition on residual stress was neglected in previous studies of
residual stress models. In order to predict the residual stress more accurately, a residual
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stress prediction model considering phase transition is proposed [28,29]. Therefore, the
effect of phase transition should be considered in finite element simulation to accurately
predict the residual stress of martensitic steel.

A residual stress prediction method considering phase change is proposed. The
measures to control the residual stress are discussed in terms of quenching medium, cooling
rate, and the starting temperature and tempering temperature of the martensitic transition.

2. Calculation Method of Residual Stress Considering Martensitic
Transformation

2.1. Microstructure Field Calculation

The sample analyzed in this paper is low-carbon martensitic steel after quenching. Con-
sequently, the martensitic transformation is incorporated into the microstructure calculations
with the martensite volume fraction following the Koistinen-Marburger equation [10]:

om =1 —exp[—a(M; —T)] 1

@M is the martensite volume fraction; M is the martensitic transformation point; T is
temperature; o is a constant which is 0.011.

2.2. Temperature Field Calculation

The calculation equation of the whole temperature field is written as [30]
pe (o, T) T = Vik(gm, T) - VT] +Q @

p is material density; c is heat capacity; k is the heat transfer coefficient; T is tempera-
ture; T is the partial of temperature with respect to time; V is the gradient operator; Qis
the latent heat of phase transformation per unit time.

Q is the latent heat of phase transformation, calculated by the formula

Q=AH- ¢y ®)

AH is the heat released during the decomposition of austenite per unit volume; ¢, is
the martensitic phase variable per unit time.
The boundary condition is defined as follows [11]:

oT,  oT, L oT

Ko+ 3y 5

L| =h(T — Teo) (4)

L, Iy, and I, are direction cosines in the x, y, and z directions, respectively; h is the surface
heat transfer coefficient; T and T, are the surface and ambient temperatures, respectively.

2.3. Stress Field Calculation

The thermal elastoplastic behavior of martensitic steel during the quenching process
is a nonlinear problem addressed using incremental theory. In this analysis, the Von-
Mises yield criterion, isotropic hardening conditions, and the Prandtl-Reuss flow rule are
implemented. The volume change of martensitic steel is illustrated in Figure 1. The total
strain increment is defined in the following manner [31]:

t
Aejj = Ac§ + Al + Aell + Aelf + Al (5)
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’/C ooling process

Volume change

o
Temperature (°C)

Figure 1. Schematic diagram of volume variation during quenching.

Asﬁj, As}l.;., Asg‘, Asg., and Asg’ are elastic strain increment, plastic strain increment,
thermal strain increment, phase change plastic increment, and phase change plastic strain
increment, respectively.

The material exhibits uniform mechanical and physical properties in all directions,
allowing the increments of microstructure strain and thermal strain to be expressed as
follows [32]:

Aeii = prlem(T+AT) — ea(T+AT)] (6)

A€l = pumlem(T+AT) — e (T)) @)

€M is the relative strain of the martensitic microstructure; € is the relative strain of
the austenitic microstructure.

In line with the GJ theory, the Lebond formula is employed to compute transformation
plasticity [33,34]:

de"™ = %KSf(e)e 8)

S is the stress deviation; K is the coefficient of transformation plasticity; € is the rate of
transformation plasticity; f(e) is the kinetic formula of transformation plasticity.

2.4. Simulation Route

In simulations that take into account the martensitic transformation, the influence of
phase transitions on stress is integrated into the constitutive equation and implemented
through an ABAQUS user subroutine. The simulated route is shown in Figure 2. First,
ABAQUS 2022 is utilized to create a 3D model, wherein heat-related material properties
are entered into the material parameter editing interface. Next, during the simulation,
the martensite fraction is determined based on temperature and the Koistinen-Marburger
formula [34]. Subsequently, the latent heat generated by the phase transition is incorporated
into the HETVAL subroutine as an internal heat source [35]. The changes in phase transfor-
mation plasticity and yield strength are addressed by the UHARD subroutine, while the
impact of volume change on stress is managed by the UEXPAN subroutine. This model is
applicable to metals undergoing martensitic phase transitions. The finite element model
constructed in this study is mainly applicable to metal materials with uniform material
properties. The material parameters used in the model are based on references, and its
physical and mechanical properties have been verified in a number of experiments. How-
ever, for heterogeneous materials or composites, models need to be adjusted accordingly to
account for the effects of material interfaces and polyphase structures. The finite element
model in the present study is mainly designed for regular circular geometries and is suit-
able for structures with symmetry and uniform loading conditions. However, for complex
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asymmetries or geometries with sharp corners, the model requires mesh optimization and
parameter adjustment to ensure the accuracy of the analysis results.

Temperature field
(DFLUX)

TSR Sequential coupling Latent lisst
- : (HETVAL)

(USDFLD)
A

Stress field

Volume expansion (UEXPAN)

Yield strength change UHARD

Transformation plasticity

> Microstructure

Figure 2. Simulation route.

2.5. Calculation Model and Parameters

The thermal and physical properties of martensitic steel involved in the model and
mechanical property parameters are shown in Figure 3. In metallurgical and mechanical
calculations, the temperature-dependent properties of materials should be considered first.
The corresponding thermal property data (such as thermal conductivity A, specific heat
capacity C) and mechanical properties parameters (such as yield stress oy, elastic modulus
E, Poisson ratio v, linear thermal expansion coefficient «). The density of martensitic steel
changes little with temperature. It is considered that the density of martensitic steel during
quenching is 7800 kg-m~3. The heat transfer coefficient used in the model is based on
martensitic steel as outlined in reference [36]. The thermal conductivity of air cooling is
0.025 W(m-K), the thermal conductivity of oil cooling is 0.2 W(m-K), and the thermal con-
ductivity of water cooling is 0.6 W(m-K). The martensitic steel model is constructed using
finite element analysis software ABAQUS 2022, as depicted in Figure 4. The thermodynamic
coupling finite element method is used to simulate the interaction between temperature and
stress fields, especially the stresses caused by phase transitions and temperature gradients
during heat treatment. The dimensions of the ring are 100 x 100 x 50 mm?, with a cell size
of 2 mm, resulting in a total of 62,500 cells. In finite element analysis, the mesh size is the
key factor that affects the calculation accuracy and convergence. Smaller mesh sizes often
provide more accurate results but significantly increase computational costs. Therefore, it
is necessary to conduct grid sensitivity analysis to determine the appropriate mesh size
and ensure the reliability and computational efficiency of the model results. In order to
ensure the accuracy of the model results, a grid sensitivity analysis was carried out. Three
different mesh sizes (coarse mesh, medium mesh, and fine mesh) were selected for simula-
tion calculation. The key parameters include maximum stress, maximum displacement,
etc. The results show that with the decrease in mesh size, the changes in key parameters
tend to be stable, indicating that the model results converge gradually. Through the grid
sensitivity analysis, the middle grid was selected as the final model grid to balance the
calculation accuracy and efficiency. The boundary conditions of the temperature field were
convection boundary conditions, and the initial temperature was set at room temperature
(20 °C). To validate the accuracy of the model, data from the literature were employed for
comparison. The model validation in this study mainly relies on experimental data in the
existing literature. Specifically, we selected the key parameters of stress and strain in the
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literature for comparison. During the verification process, the model simulation results
were compared with experimental results in the literature under the same conditions,
such as temperature, pressure, and other environmental variables. In order to evaluate
the accuracy of the model, we use the mean square error as an evaluation index. The
results show that the mean square error between the predicted value of the model and the
experimental data is 0.05, which indicates that the model has good fitting performance.
Although there is no independent experimental verification in this study, the validity of the
model is preliminarily verified by comparing it with a number of data from the literature.
Future studies will include further experimental validation to consolidate the reliability
of the model. In addition, we plan to expand the data source to cover more experimental
conditions to fully evaluate the suitability and stability of the model. Current models have
indeed been developed primarily for specific types of martensitic steel materials and their
specific component geometry. The ring workpiece has symmetry and uniformity, which
makes it possible to simplify the calculation when analyzing the stress distribution. The
symmetrical geometry helps to understand and predict the distribution of residual stress,
especially on the inner and outer surfaces of the ring.

10 —=—0, (10°Pa)
17 —o— E (10''Pa)
2 8 —A— v (0.1)
s —v— o (109/K)
g, —o— 2 (10W/mk)
e 6 —4— C (10°T/kgK)
o
S 4
-
2
<
S 2

0 200 400 600 800 1000
Temperature (°C)

Figure 3. Material properties of martensitic steel.

Figure 4. Grid division of martensitic steel model.

3. Heat Treatment Process Regulates Residual Stress
3.1. Microstructure

The microstructure of low-carbon martensitic steel is composed of martensitic lath
and residual austenite as shown in Figure 5. After tempering, the lath martensite structure
is tempered martensite structure, and the structure is the smallest, and there is a small
amount of dispersed carbide.
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Figure 5. Microstructure of martensitic steel.

3.2. Temperature and Stress During Quenching

Figure 6 shows the temperature field variation of martensitic steel during water
quenching at 20 °C. When the sample is water-quenched, the temperature of sample edge
drops the fastest followed by the surface. The core of the sample is not in direct contact
with the medium and relies on heat conduction. Therefore, the sample remains at a very
high temperature. With the quenching, the core temperature of the sample decreases
gradually. Due to the different cooling rates of the core and surface of the sample, an
uneven temperature field is generated. When the quenching time is 300 s, the temperature
of the core and surface gradually tends to be consistent with that of the medium.

(a) (b) (©)
ntir (C)
+8.600e+02
+7.9540402
+7.308e+02
+6.662e402
+6.015e+02
+5.369e+02
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+3.431e+02
+2.785e+02
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+1.492e+02

184620101 d) - (e). (f) -

Figure 6. Temperature field of martensitic steel during quenching at 20 °C: (a) 0's; (b) 10's; (c) 15's;
(d) 25's; (e) 50 s; (f) 300 s.

Figure 7 shows the change in the stress field of martensitic steel during water quench-
ing at 20 °C. When the sample just enters the water, the surface cools rapidly and shrinks,
resulting in tensile residual stress. Under conditions of synchronous shrinkage, com-
pressive residual stress is generated at the surface. As quenching time progresses, the
temperature of the core gradually decreases, and its cooling rate exceeds that of the surface.
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Consequently, the core begins to shrink. At this point, the surface temperature is low, and
its strength is high, leading to an increased restraining effect from the core. This results
in a gradual increase in residual stress within the core, while the residual stress at the
surface decreases. As the core continues to shrink, it transitions from compressive residual
stress to tensile residual stress at 25 s, while the surface shifts from an initial state of tensile
residual stress to compressive residual stress. Ultimately, a stress state characterized by
inner tension and outer compression is established. Throughout the quenching process, the
stress values for both the core and surface increase progressively. Upon the completion of
quenching, the tensile residual stress in the core can reach 440 MPa, while the compressive
residual stress at the surface can reach —442 MPa.
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{Average 75%)
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B 4 a00e402
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Figure 7. Axial stress field of martensitic steel during quenching at 20 °C: (a) 0's; (b) 10's; (c) 15 s;
(d) 25s; (e) 50 s; (f) 300 s.

The analysis above indicates that the evolution paths of the temperature field and
stress field in martensitic steel during quenching differ significantly. To monitor the changes
in temperature and stress at key locations during the quenching process, nodes are selected
at the surface and at the center of the core. As shown in Figure 8a, the exothermic effect of
phase transformation is distinctly observable around 385 °C. Over time, the temperature
difference between the surface and the core gradually reduces. Although the temperature
of the sample continues to decrease, there are no significant changes in residual stress
during the later stages of quenching, as shown in Figure 8b.
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Figure 8. (a) Variation curves of temperature field during surface and core quenching; (b) Variation
curves of residual stress field during surface and core quenching.

3.3. Influence of Quenching Medium on Residual Stress

Different quenching media have different cooling capacity for the sample and the
corresponding quenching stress is also different. In this excerpt, three different cooling
media are used for calculation and comparative study. Assuming the hardenability of the
sample is large enough, the whole martensitic microstructure can be obtained even if it
is air-cooled. The distribution of residual stress during the cooling process of martensitic
steel is analyzed, revealing that the stress distribution after quenching varies with different
cooling media, as illustrated in Figure 9. In the case of air cooling, which is relatively gentle,
the temperature difference between the surface and the core remains small. For oil cooling,
the temperature difference is also modest due to the slower cooling rates, resulting in tensile
residual stress at the surface and compressive residual stress in the core. Conversely, water
quenching involves a rapid cooling rate, producing a substantial temperature gradient
within the sample. As a result, the residual stress levels are markedly higher following
water quenching.
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Figure 9. Influence of different quenching media on residual stress.

3.4. Influence of Cooling Rate on Residual Stress

The residual stress distribution after quenching in water at 20 °C, 40 °C, 60 °C, and
80 °C, respectively, are shown in Figure 10 and Table 1. In Table 1, quenching temperature
refers to the temperature of the water in which the quenching is carried out. The tem-
perature selected is the commonly used quenching temperature of martensitic steel. The
quenching residual stress at the four temperatures presents a symmetrical distribution. The
residual stress value is higher when the quenching temperature is 20 °C. The surface stress
is 440 MPa and the heart stress is —442 MPa. When quenching temperature is 60 °C, surface
and core residual stresses are 335 MPa and —340 MPa. When the quenching temperature
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rises to 80 °C, the residual stress of the sample does not exceed 260 MPa. The results
indicate that as the quenching temperature decreases, the temperature difference between
the specimen and the cooling medium increases. Consequently, lowering the cooling rate
can lead to a reduction in the residual stress of martensitic steel.
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Figure 10. Influence of quenching temperature on residual stress.

Table 1. The influence of quenching temperatures on residual stress.

Quenching Temperatures (°C) 20 40 60 80
Surface residual stresses (MPa) —442 -390 —340 —260
Core residual stresses (MPa) 439 384 334 251

Figure 11 illustrates the evolution of temperature and stress at the surface and core
of the sample following water quenching at 20 °C and 60 °C. When the sample is initially
submerged in water, the cooling rate at 60 °C is lower than that at 20 °C. According to the
stress evolution curves, both quenching temperatures result in tensile residual stress at the
surface and compressive residual stress at the core upon entering the water. As quenching
time progresses, the stress at the surface transitions from tensile to compressive, while the
core stress shifts from compressive to tensile.
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Figure 11. Evolution of surface and core temperature and stress fields during quenching at different
temperatures: (a) temperature field; (b) stress field.

Figure 12 and Table 2 present the impact of varying transition starting temperatures
on residual stress. The peaks of tensile and compressive stresses are influenced by the
transition starting temperature. As the transition starting temperature rises, the stress
levels gradually increase. Consequently, the peak of tensile stress shifts towards the center,
while the phase change stress decreases. The combination of thermal stress and phase
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change stress contributes to an increase in surface compressive stress. Thus, lowering
the starting temperature for the martensitic transformation is advantageous for reducing
residual stress.
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Figure 12. Effect of martensitic transformation starting temperature on residual stress.

Table 2. The influence of Ms on the residual stress.

Starting temperature of martensitic

transformation (°C) 445 415 385

Finishing temperature of martensitic

transformation (°C) 270 240 210

Residual stress is inevitably generated during phase transition. Tempering can effec-
tively reduce the residual stress. Tempering temperature refers to the temperature at which
the metal is heated after tempering. The residual stress at 320 °C, 350 °C, and 380 °C with-
out tempering is calculated. The evolution of residual stress under four conditions is shown
in Figure 13 and Table 3. In Table 3, the tempering temperature is understood as the heating
temperature of the material. Although the overall stress distribution trend is not obvious
after tempering, the stress after tempering is lower than that before tempering. Tempering
reduces the internal stress of martensitic steel, especially the residual stress with uneven
distribution. The residual stress decreases with the increasing tempering temperature.
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Figure 13. Residual stress at different tempering temperatures.
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Table 3. The influence of tempering temperatures on the residual stress.

Tempering Temperatures (°C) No Tempering 320 350 380
Surface residual stresses (MPa) —221 —150 —112 —74
Core residual stresses (MPa) 220 154 114 74

4. Conclusions

A method of residual stress prediction considering phase transition is proposed.
The measures to reduce residual stress are discussed in terms of quenching medium,
cooling rate, and the initial temperature and tempering temperature of the martensitic
transformation by finite element simulation. The residual stress generated after quenching
varies depending on the type of cooling medium used. In the case of air cooling, the
residual stress in martensitic steel is lower, and the distribution of this stress is more
uniform. An investigation into the residual stress of martensitic steel following tempering
at 320 °C, 350 °C, and 380 °C reveals that increasing the tempering temperature leads to a
reduction in residual stress. The optimal tempering temperature suggested is 380 °C. The
findings indicate that lowering the initial temperature of phase transition helps to decrease
residual stress. It is recommended to set the initial phase transition temperature at 385 °C.
The reliability of the model is highly dependent on the material constitutive relationship
and experimental data, but in some cases, the relevant parameters are difficult to obtain
or inaccurate, which affects the prediction results. A combination of macro-scale and
micro-scale modeling methods is used to more accurately capture stress distribution and
phase transition processes inside the material. In order to further promote the application
of martensitic steel and other types of steel, the residual stress forms of different alloy
components and heat treatment processes on other steels such as low-alloy steel and high-
strength steel and their effects on material properties were studied, and optimized treatment
schemes were sought. The effects of different cooling rates, temperatures, and media on
the residual stress and microstructure of martensitic steel and other steels during phase
transformation were systematically studied in order to explore the best heat treatment
process. Long-term fatigue tests and environmental stress tests are carried out to evaluate
the performance and potential failure mode of martensitic steel under actual working
conditions, providing a more reliable reference for industrial applications.
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Abstract

In this study, the high-temperature thermal deformation behavior of the TA4 alloy was
investigated by thermal compression experiments. The effects of deformation temperature
and strain rate on the rheological stress are described by analyzing the variation of stress—
strain curves with different parameters and establishing the constitutive equation based
on the dynamic material theory model. Thermal processing diagrams were established
and plotted to analyze the optimal processing zone and the destabilization zone under
different strains. From the thermal machining diagram, it can be concluded that the
optimum machining zone at a strain of 0.9 is 1040~1133 K/0.01~0.7 s~ 1. The optimum
machining zone at a strain of 0.6 is 940~1000 K/0.01~0.04 s~ 1. The optimum machining
zone at a strain of 0.3 is 940~1000 K/0.01~0.08 s~!. The effects of different deformation
conditions on the thermal deformation mechanism were analyzed in conjunction with
EBSD characterization. The results showed that dynamic recrystallization (DRX) was the
main deformation softening mechanism when at low strain rate (<0.1 s™1). At higher
strain rates (>0.1 s~!) and lower temperatures (<1083 K and >933 K), the main deformation
softening mechanism was DRV; at higher temperatures (>1083 K and <1133 K), the main
deformation softening mechanism was DRX.

Keywords: TA4 titanium alloy; hot deformation behavior; hot working diagram; recrystallize

1. Introduction

Titanium, known as the “third metal” after iron and aluminum due to its abundant
reserves in the Earth’s crust, has garnered significant attention. Titanium alloys, owing
to their excellent comprehensive properties such as high specific strength, low density,
low thermal expansion coefficient, high biocompatibility, and high corrosion resistance,
are widely used in aerospace, petrochemical, automotive, shipbuilding, and biomedi-
cal fields [1-4]. In recent years, titanium alloys have gained strong momentum in the
civil market, particularly as materials for consumer electronics. They have already been
commercialized in electronic fabrication and aerospace industrial applications [5].

During the hot deformation process, the deformability of titanium alloys is influenced
by both deformation parameters and material microstructure. Therefore, selecting appro-
priate deformation parameters such as strain rate, strain, and deformation temperature is
crucial for the processing and mechanical performance of the final product [6,7]. These
parameters interact with each other and jointly influence the hot mechanical processing of
titanium alloys [8]. A constitutive model can be developed to represent the relationship
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between stress and strain under different loads, as well as to predict the hot processing
performance under various deformation parameters. Additionally, the use of hot working
diagrams allows for a more accurate determination of the material’s processing window,
providing guidance for the optimization of deformation parameters during hot processing.
Hao et al. [9] conducted hot compression experiments on near-« titanium alloys, studying
their hot deformation behavior, microstructural evolution, and hot working diagrams; the
flow behavior and flow softening mechanism evolution of the deformation under different
phase fields are obtained. Wang et al. [10] used isothermal compression testing on the
Ti-55511 titanium alloy to investigate the effects of various hot deformation parameters
on the alloy’s properties and microstructural evolution; the heat deformation behavior
and microstructure evolution of the Ti-55511 titanium alloy in the range of experimental
parameters were obtained and the peak stress could be predicted. Lu et al. [11] analyzed
the flow stress—strain curves of the TA10 titanium alloy under different strain rates and
temperatures, developed a hot plasticity constitutive equation for pure titanium alloy based
on a hyperbolic sine Arrhenius equation, and elucidated the flow-softening mechanism of
this alloy. The evolution of the microstructure during the processing, such as the solidifi-
cation process, subsequent heat treatment [12], thermal deformation behavior, dynamic
recrystallization, and dynamic recovery [13], inevitably affects the machinability of the
final product. Therefore, studying the influence of different deformation parameters on
microstructural evolution during hot processing is essential for further exploring suitable
manufacturing processes for the TA4 titanium alloy [14-16].

The selection of thermal processing parameters for the TA4 titanium alloy is investi-
gated in this study based on real production requirements, with a focus on industrially
relevant temperature ranges (933-1133 K) and strain rates (0.01-10 s~ 1). Hot compression
tests were conducted on the alloy, and a hot plasticity constitutive equation was developed
by integrating the hyperbolic sinusoidal Arrhenius equation with the dynamic material
theory model. Thermal processing diagrams were then generated for different strain
levels. Subsequently, optimal processing zones for the TA4 alloy were identified based
on these diagrams. The effects of various parameters on the microstructural evolution,
including dynamic recrystallization and dynamic recovery, were analyzed using Electron
Backscatter Diffraction (EBSD). By examining the thermal deformation mechanisms, the
optimal processing parameters for achieving the desired microstructure and properties
were determined. This study provides valuable theoretical and practical insights into the
manufacturing process, microstructure customization, and enhanced thermal processing
techniques for the TA4 titanium alloy.

2. Materials and Methods
2.1. Experimental Materials

The experimental material used in this study is commercial-grade TA4 titanium wire
(GB/T 3620.1) [17]. The titanium wire was processed through multiple vacuum remelting,
followed by forging and high-line rolling. The TA4 titanium alloy is an «-type titanium
alloy. Figure 1 is the metallographic microstructure of the alloy after full annealing, it
can be seen that its micro structure after annealing is almost entirely equiaxial «-phase,
the intergranular position will have a small amount of 3-phase (dark), the distribution of
grains is uniform, and the average grain size is about 10 um. Table 1 also provides the
elemental composition and content of the TA4 titanium alloy used in the experiment.
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Table 1. Standard chemical composition (wt%) of the TA4 titanium alloy according to GB/T 3620.1.

Fe C N H (0) Ti
0.1500 0.0500 0.0070 0.0021 0.3600 Bal.

Figure 1. Microstructure of the TA4 titanium alloy (LM).

2.2. High-Temperature Thermal Compression Test

Hot compression tests were conducted using a Gleeble-3800 thermomechanical simula-
tor (Dynamic Systems Inc., Poughkeepsie, NY, USA). The samples used in the experiments
were TA4 alloy rods with dimensions of $8.0 mm x 12.0 mm. The experimental procedure
is shown in Figure 2a. The deformation temperatures of the samples were set at 933, 983,
1033, 1083, and 1133 K, with a deformation degree of 60%. The strain rates were 0.01, 0.1, 1,
and 10 s~ 1. During the experiment, the samples were heated on the Gleeble-3800 simula-
tion tester at a rate of 10 K/s to the specified compression deformation temperature and
held at that temperature for 3 min to ensure uniform temperature distribution within the
sample. The sample was then compressed to 60% strain at the specified constant strain
rate, and water cooling was applied after the compression. At the end of the experiment,
the Gleeble-3800 analog testing machine recorded the load and displacement during com-
pression by means of a force transducer and a displacement transducer and generated a
stress—strain curve.

(@) (b)

4 hot compression

heat preservation

/l 0K/s

deformation temperature: 933. 983. 1033. 1083, 1133K Observation
deformation degree: 60% l
deformation rate: 0.01 0.1+ 1. 10s”

l Compression

cooling

Temperature(K)

region

v

Time(s)

Figure 2. Schematic diagram of thermal compression test of TA4 titanium alloy: (a) processing
parameters; (b) compression diagram.

105



Crystals 2025, 15, 290

To minimize the influence of friction on the experiment, lubricant was applied to both
ends of the sample in contact with the Gleeble-3800 simulator, and graphite sheets were
attached. Additionally, the chamber was vacuumed and protected with gas before the
experiment. To maintain uniform temperature during the entire hot compression process, a
pair of S-type Pt/Rh thermocouples were spot-welded at the midpoint along the height of
the sample. The force and displacement sensors in the simulator actively collected the load
and displacement during deformation, and the internal program automatically converted
these measurements into true stress—strain curves.

2.3. Microstructural Characterization

To examine the microstructure of the specimen after thermal deformation, the com-
pressed specimen was cut along its axis. The central region of the cross-section, as shown
in Figure 2b, was selected for observation. The cut specimens were ground with sandpaper
and polished using silica abrasive and suspension. The specimens used for metallographic
observation were etched with Kroll’s reagent and the prepared specimens were subse-
quently analyzed under a metallurgical light microscope (LM; Eclipse MA200, Nikon,
Hong Kong, China) to observe the microstructure. To achieve the surface quality required
for the EBSD examinations, the samples for EBSD research were electrolytically polished in
a solution of 10% perchloric acid and 90% methanol, with a voltage of 20 V, a temperature
of 30 °C, and a time of 30 s. The EBSD research was conducted using a Gemini SEM
500 field-emission scanning electron microscope equipped with EBSD Aztec Symmetry.
The instrument operating voltage was 20 kV, the scanning step size was 0.15 um. Finally,
the subgrain boundary structure, grain morphology and local orientation were analyzed
by Aztec Crystal software (version 6.1, Oxford Instruments, Abingdon, UK).

3. Results
3.1. Flow Stress Behavior

Stress—strain curves are fundamental in materials science and engineering, as they offer
crucial insights into a material’s mechanical behavior under various loading conditions [18].

The hot deformation behavior of titanium alloys is commonly analyzed using true
stress—strain curves. The true stress—strain curves of the TA4 titanium alloy under different
deformation conditions are shown in Figure 3. From the figure, it can be observed that the
flow stress of the TA4 titanium alloy generally increases rapidly at first and then stabilizes
under different stress—strain curves. This is because, in the initial stage of compression, the
alloy undergoes intense work hardening, leading to a rapid increase in flow stress, which
is reflected in the continuous rapid increase in flow stress on the stress—strain curve. As
compression time increases, softening mechanisms such as dynamic recovery and dynamic
recrystallization begin to take effect. When a stable state is reached, these two effects
counteract each other, resulting in the flow stress stabilizing [19-21].

Figure 4 shows the peak stress values of the TA4 titanium alloy at different defor-
mation parameters, in which it can be seen that the peak stress of the material decreases
significantly with increasing deformation temperature and decreasing strain rate. From
the analysis, it was found that firstly, the strain rate is proportional to the peak stress at
the same deformation temperature. This is because the compression time of the material
becomes shorter when the strain rate increases. When the deformation time of the material
is not enough to allow the softening mechanisms such as dynamic restitution and dynamic
recrystallization within the alloy to be fully activated, this is manifested by an increase in
peak stress. Secondly, at lower temperatures (below 1033 K), the increase in peak stress with
increase in strain rate is relatively modest, 113% versus 190%, respectively. This indicates
that the change in strain rate at low temperatures has less effect on the heat distortion pro-
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cess of the TA4 titanium alloy. At higher temperatures (above 1033 K), the increase in peak
stress rises to 304%, 296%, and 340%. This indicates that the thermal deformation process
of the material becomes more sensitive to the strain rate with increasing temperatures. This
is due to the fact that the higher the deformation temperature of the alloy, the higher the
dislocation activity of the alloy, resulting in a higher deformation storage energy. At the
same time, the nucleation and growth of dynamically recrystallized grains are more rapid
with increasing temperature, leading to an increase in the softening mechanism of the alloy
and a consequent decrease in its resistance to deformation.
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Figure 3. When the strain rate is between 0.01 s—!and 10 s—1, the true stress—strain curves of the
TA4 alloy at different deformation temperatures are as follows: (a) 933 K; (b) 983 K; (c) 1033 K;
(d) 1083 K; (e) 1133 K.
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Flow Stress/MPa

Figure 4. Peak stresses of alloys in different deformation conditions.

3.2. Derivation of the Constitutive Equation

To study the relationship between stress, strain, and temperature during the defor-
mation of metallic materials, a constitutive equation must be developed for the material.
The Arrhenius model is commonly used to construct the constitutive equation for the hot
deformation behavior of titanium alloys. This hyperbolic sine constitutive model is not
only widely applicable but also offers high predictive accuracy. Considering these factors,
this model was selected to construct the constitutive equation for the TA4 alloy at a strain
of 0.5. The mathematical expression of this equation consists of three equations, as shown
in Equation (1) [22,23]:

Ajo™ exp(—R—QT) (ao < 0.8)
e =< Arexp(Bo) exp(—%) (vo > 1.2) 1)
As [sinh(uca)]"zexp(—%) (forall)

In Equation (1), € is the strain rate; o can represent the peak stress, steady state
variable rheological stress, or the rheological stress of the specified strain; 1y, n, are
temperature-independent stress indices; Ay, As, A3, and p are material constants that are
also temperature-independent; Q is the apparent activation energy of thermal deformation
at different temperatures; T is the thermodynamic temperature at absolute temperature; R
is the gas constant in the ideal state; « is a parameter characterizing the pressure level, and
the relationship with other parameters is & = /.

It has been shown that the third equation is usually used to construct the constitutive
equations for different stress conditions. The hyperbolic sine form was proposed by Sellars
and Tegart, which can express the constitutive equations more accurately under different
stress conditions. It is well adapted for use and widely used, and is expressed as follows:

¢ = Ajs[sinh(ac)]2exp ( IgT) (2)

The Zener-Hollomon parameter Z [24], which expresses the relationship between the
strain rate ¢ and the absolute temperature T, was used as follows:

Z = éexp<RQT> (3)

According to Equations (2) and (3):

Z = Ajz[sinh(ac)]" (4)
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Equation (4), where Z is the temperature-compensated strain rate factor. The meanings
of the other letters have been pointed out above.
According to the definition of hyperbolic sine function, the following is true:

sinh ! (a0) = [ln(zxo) + ((zw)z +1)2 } (5)
According to Equations (3)—-(5), the following can be obtained:

1
2

1 2
1 z \ " z \ "
o= &ln <Aa) + <A3) +1 6)
The natural logarithm can be obtained by solving for each side of Equation (1):
Ine = Ay + mylno (7)
Ing = As + Bo 8
Ine = nyln[sinh(ac)] + Ae ©)

The steady-state stress and strain rates during deformation were taken, and according
to Equations (7) and (8), the least-squares method was adopted for the linear regression
process, and the relationship between Ino — Ine and o — Ine was plotted with the help of
Origin data analysis software (Version 2023b, OriginLab Corporation, USA), and the results
are shown in Figure 5 [25]. The fitting results show that the linear correlation coefficients of
Ino — Ine curves at 933 to 1133 K and o — In¢ curves at 933 to 1133 K are all greater than
0.99, indicating a good fitting reliability.

(a) 55 (by 250
5.0t 200+
4.5+ E 150+

£ >
4.0t ~ 100+
©
35t 50+
3.0 0

S5 04 3 2 -1 0 1 2 3

Ing

Figure 5. The relationship between rheological stress and strain rate of TA4 alloy: (a) Inc — Ing;
(b) 0 — Ine.

Taking the average value of the inverse of the slope of the fitted straight line in Figure 5a
for 933 to 1133 K as 11, there is 111 = 4.9046; taking the average value of the inverse of the slope
of the fitted straight line in Figure 5b for 933 to 1133 K as §, there is 8 = 0.0492 MPa~!; and
according to the definition of &, we can obtain &« = /1 = 0.0101 MPa~ L.

The strain stress and strain rates at different deformation temperatures were sub-
stituted according to Equation (9), the linear regression was fitted by the least-squares
method, and the In[sinh(ac)| — Ine relationship was plotted with the help of Origin data
analysis software, as shown in Figure 6. The fitting results show that the linear correlation
coefficients of the In[sinh(ac)| — Ine curves at 933 to 1133 K are all greater than 0.99, indi-
cating that the double logarithmic relationship between the hot deformation rheological
stresses and the strain rate satisfies the linear relationship better. The results show that the
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relationship between the rheological stress and strain rates of the TA4 alloy at a constant
deformation temperature can be described by a hyperbolic sine relationship.
A certain temperature range, assuming constant Q at the same strain rate, is obtained
according to Equation (9):
Ag

In[sinh(ac)] = A7 + T (10)

The strain rate ¢, the stress o, and the calculated « value were brought into
Equation (10), while the least squares method was taken for the linear regression treatment
to plot the In[sinh(ac)] — % relationship, as shown in Figure 6. The fitting results show
that the linear correlation coefficients of the In[sinh(ac)] — % curves are greater than 0.99 at
all strain rates, indicating that the relationship between the rheological stress and the tem-
perature of the TA4 alloy at a high temperature and constant strain rate can be described
by the hyperbolic sine relationship.

@ (b) 1.5
10t 1.0+
g 0.5 g 0.5
= 00 g 00
£ .05 * 983K £703
4 1033K —1.04

-1.0¢F ¥ 1083K
+ 1133K —1.51

5 4 3 2 -1 0 1 2 3 0.85 090 095 100 1.05 1.10
Iné (1/T)x10* (1/K)

Figure 6. (a) In[sinh(«o)] — Iné fit curve; (b) In[sinh(cco)] — + fit curve.

Taking the natural logarithm of the derivative on both sides of the third equation of
Equation (1), the hot deformation activation energy equation can be obtained as follows:

0- R{ - 0 (In¢) } dln[sinh(ac)] an

[sinh(a0)] 9 (%)

According to the previous calculations, the three terms on the right side of Equation (11)
are the gas constant in the ideal state, the inverse of the slope of the In[sinh(ao)] — Iné¢
curve at a certain temperature, and the slope of the In[sinh(xo)] — % curve at a certain
strain rate, and the values of the latter two are 3.9634 and 9.1436, respectively. Substituting
into Equation (11) yields the value of the deformation activation energy Q as 301 KJ/mol.

Taking the logarithm of both sides of Equation (4), the following can be obtained:
InZ = InA + nin[sinh(ao)] (12)

The obtained average deformation activation energy Q value, strain rate, and deforma-
tion temperature were substituted into Equation (12), and the plot of the InZ — In[sinh(«ac)]
relationship plotted by linear regression using the least squares method is shown in Figure 7.
Since the linear correlation coefficient between the variables of the relationship plot is
greater than 0.98, the stress index n can be expressed by the slope of this fitted curve, and
InA can be expressed by the intercept. The data processing can obtain n = 4.2924 and
A =1.9653 x 10™.
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n=4.2923
401 A =132.1547 3
3g| R=09875

-1.5 -1.0 0.5 0.0 05 1.0 1.5 2.0
In[sinh(ao)]

Figure 7. Relationship diagram of InZ — In[sinh(«o)] TA4 alloy.

Combined with the above calculation results, all the material parameters for con-
structing the constitutive equation of the TA4 alloy have been found, which are as follows:
stress level factor « = 0.0101 MPa™!, activation energy of deformation Q = 301 KJ/mol,
stress exponent n = 4.2923, and structure factor A = 1.9654 x 104, respectively. Substi-
tuting the above parameters into Equation (2), the eigenstructural equation for a strain of
0.5 temperature range of 933-1133 K can be found as follows:

(13)

&= 1.9654 x 1014 [Sinh(0.01010)]4‘2923exp ( 301000)

RT

Similarly, the parameter data of Arrhenius model for different strain ranges and
different deformation conditions can be calculated by the above method, as shown in
Table 2.

Table 2. Arrhenius model parameter.

True Strain

Material
Constant 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8
o 0.0119 0.0112 0.0107 0.0105 0.0105 0.0105 0.0105 0.0105
Q 317.1401 320.5820 315.5531 304.7553 295.4912 283.9743 276.3184 272.3312
n 5.5782 5.1983 4.9145 4.6582 44234 4.2371 4.0892 4.0433
InA 34.2532 34.7864 34.3312 33.1813 32.1540 30.8460 29.9552 29.4720

However, Bani [26] argued that the important effect of strain on this process should
be taken into account when analyzing the high temperature deformation of titanium
alloys. The results showed that strain has a significant effect on the deformation activation
energy and material constants («, Q, n and InA). Therefore, in order to investigate the
intrinsic modeling of titanium alloys under different strains, the relationship of strain
on deformation activation energy and material constants is constructed as a polynomial
function as shown in Equation (14). The effect of strain on the constitutive equation is
reflected by the application of the polynomial function in the constitutive equation.

a = Co + Cre + Coe? + C33 + Cyet + Cse®

Q = Dy + D& + Dye? + D3e3 4 Dye* + Dse® + Dge®
n = Eo+ E1e + Exe? + Eze® + Ege* 4 Ese® + Ege®
InA = Fy + Fie + Foe? + Fae® + Fpe* + Fse® + Fye®

(14)

According to Equation (14), the correlations of « —¢, n —¢, Q —¢, and InA — ¢ are
plotted, and the fitted curves are shown in Figure 8. From the figure, it can be found
that the correlation coefficients of each fitted curve of strain versus material constants are
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greater than 0.99, which has a good reliability. It indicates that this polynomial function can
be used to describe the strain-to-material constant relationship during high-temperature
deformation of titanium alloys.

The data obtained from the experiments were substituted into Equation (14) and the
equations were fitted using a nonlinear fitting algorithm to calculate the model material
constants, the results of which are shown in Table 3.

As a result, the Arrhenius model for strain compensation can be obtained, and the
comparison between the predicted and experimental values of this model is shown in

Figure 9.
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Figure 8. Fitting the variation curve with (a) , (b) Q, (¢) n, and (d) In A polynomials.

Table 3. Polynomial coefficient results for o, Q, n, In A.

Polynomial Coefficient

= f(e)

Q=1(e)

n = f(e)
InA = f(e)

Co Cq G Cs Cy Cs
0.0124 —0.0017 —0.0493 0.1819 —0.2362 0.1058
Dy Dy D, Ds D, Ds
303.546 168.836 —132.412 —2689.08 8011.976 —9079.71
Eg Eq E; E; Ey Es
6.1858 —7.9749 23.8815 —56.1106 73.0744 —48.186
Fy Fq F F3 Fy Fs
32.5454 21.0176 —17.966 —292.158 869.1344 —981.078

Dg
3772.389
Eg
13.5021
Fg
406.9907

3.3. Evaluation of the Ontological Model

In order to be able to accurately evaluate the reliability of the predicted results of these
constitutive equations, it is necessary to analyze the error between the experimental values
and the predicted values of the constitutive equations. Here, the correlation coefficient (R),
mean absolute percentage error (MAPE), and mean root mean square error (RMSE) are
introduced to analyze the error numerically with the following expressions [27,28]:

ie DLE-E)E-D)

= N oy — (15)
Ez:l (El E) Z‘41:1 (Pl P)
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Ei—

Pl o 100%

In the above equation, E; is the experimental stress value; P; is the predicted stress
value; E is the average of experimental and predicted values; N is the total amount of data.
In general, the strength of the linear correlation between the model predicted data and
the experimental measured data can be characterized by the correlation coefficient (R).
However, for this intrinsic model, it is not always valid to rely solely on the correlation
coefficient to characterize the correlation between the model data and the experimental data.
Therefore, the MAPE and the RMSE need to be calculated here to accurately characterize
the accuracy of the constitutive equations with unbiased statistical parameters. In order
to explore the generalization ability of the proposed model, the corresponding MAPE
and RMSE values were calculated and the linear relationship between the experimental
values of the flow stresses and the predicted values of the model were plotted as shown in

Figure 10.
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Figure 9. Comparison between experimental stress values and predicted stress values: (a) 933 K;
(b) 983 K; (c) 1033 K; (d) 1083 K; (e) 1133 K.
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Figure 10. The correlation between experimental and predicted values.

From the figure, it can be seen that the MAPE and RMSE values of the model are
8.7210% and 11.0635 MPa, respectively. The data values at the whole temperature are
around the optimal regression line, which can indicate that the intrinsic model has a high
accuracy. This indicates that the developed TA4 Arrhenius eigen structural equation has
good accuracy and its correlation is high enough to be used in the calculation of deformation
resistance for the actual rolling process [29].

3.4. Creation and Analysis of Thermal Processing Diagrams

In actual production, selecting the appropriate thermal processing parameters for the
TA4 alloy requires not only constructing the constitutive equations but also establishing
the corresponding thermal processing diagram to visualize the material’s processing and
forming properties. The hot working diagram can delineate the safety zone and rheolog-
ical instability zone of plastic processing, which can provide guidance for the selection
of hot working process parameters and the control of microstructure and properties of
metal materials.

Based on Prasad’s [30] instability criterion and its dynamic material model, the external
energy P is mainly consumed in the dissipation G required for plastic deformation and
the co-dissipation | required for microstructure evolution, which is given by Equation (18)
as follows:

€ o
P:aé:G+]:/adé+/ tdo (18)
0 0

m is the strain rate sensitivity factor with the following Equation (19); 7 is the power
dissipation factor of the processed material with the following Equation (20):

dlno
- dlne (19)
1 2m
’7_2<1_1+m>_1+m 20

When the material presents an ideal linear dissipative state, the value of the strain rate
sensitivity index m is 1, at which time the dissipation coefficient | reaches its maximum
value [;;qx, expressed as follows:

oe
Jmax = 7 (21)
Therefore, the energy dissipation rate 77 can be expressed as follows:

2
71:]m]ux:m‘in‘11 (22)
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In the above equation, m is the strain rate sensitivity index; 7 is the energy dissipa-
tion rate.

¢ is the destabilization parameter; when the destabilization parameter is less than 0, to
judge the occurrence of rheological destabilization, Equation (21) is as follows:

_ ()

Different strains of the rheological instability parameter ¢ value can be plotted as a
contour map of the hot working diagram—that is, the instability map—and superimposed
with the energy dissipation map. The contour lines in the map represent the values of
the energy dissipation efficiency factor; the shaded area in the map represents the part
where the instability parameter ¢ is less than zero, i.e., the plastic rheological instability
region. The thermal processing diagram of the TA4 titanium alloy at different real strains is
shown in Figure 11. The destabilization zone at strain 0.3 is 933~1023 K/0.01~4 s~ . The
destabilization zone at strain 0.6 is 933~1023 K/0.02~7 s~ 1. In this strain interval, the desta-
bilization zone gradually moves to the high strain rate interval with the increase of strain,
but the overall change of the destabilization zone is small. Among them, the destabilization
zone at strain 0.9 is 933~1023 K/0.04~10 s~1, and the area of the destabilization zone at
this time increases compared with that at low strain. With the increase in strain, the area of
instability is gradually shifted from the location of low strain rate to the area of high strain
rate and is gradually extended from the low-temperature region to the high-temperature
region. Overall, the area of the destabilized region increases with the increase in strain.
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Figure 11. Hot working diagram of TA4 alloy under different strains: (a) ¢ = 0.3; (b) € = 0.6; (c) ¢ =0.9.

The optimum processing region is divided into two regions: the medium-temperature
low-strain region A and the high-temperature high-strain region B. Region B should be
avoided when designing the thermal processing parameters due to the high temperature
and strain rate required. It can be seen that the energy dissipation efficiency factor is closely
related to the deformation temperature and strain rate, which increases and then decreases
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with the rise in temperature and strain rate. The maximum region of energy dissipation
efficiency factor is located in the region of medium temperature and low strain rate, and the
maximum value is near 0.44. The maximum value is around 0.44. The optimal processing
region is at a strain of 0.9, 1040-1133 K/0.01-0.08 s~ !. The optimal processing region is at a
strain of 0.6, 940-1000 K/0.01-0.04 s~!. The optimal processing region is at a strain of 0.3,
940-1000 K/0.01-0.08 s~ 1.

3.5. EBSD Analyses

It is difficult to elucidate the specific deformation mechanism of the TA4 titanium
alloy based on the stress—strain curves and thermal processing diagrams alone. In order to
further investigate the effects of different thermal deformation parameters on the thermal
deformation mechanism of the TA4 titanium alloy, its compression samples at different
temperatures at the same strain rate (1 s~1) and at the same temperatures (1033 K) at
different strain rates were subjected to EBSD analysis.

Figure 12 shows the grain size statistics of titanium alloys under different deformation
parameters. From the Figure 12a,b, it can be seen that the average grain area of the
alloy increases significantly with the decrease in the strain rate, from 50.23 to 89.64 um?,
and the grain shape tends to be more isometric. The orientation difference distribution
graph indicates the proportion of the grain boundary orientation angle, and Figure 13
shows the orientation difference angle distribution of titanium alloys under different
deformation parameters. The blue line in the figure represents the large-angle grain
boundaries (HAGBs) with dislocation angles greater than 15°, and the red line represents
the small-angle grain boundaries (LAGBs) with dislocation angle angles ranging from 2 to
15°. It can be obtained in Figure 13a,b,f that the percentage of LAGB decreases significantly
from 42.5 to 29.8% as the strain rate decreases. The original small-angle grain boundaries
formed by dislocations are transformed into large-angle grain boundaries due to the process
of new grain generation and growth caused by the prolongation of deformation time with
dynamic recrystallization (DRX). It is shown that the main thermal deformation mechanism
of the TA4 titanium alloy at a low strain rate is DRX [31].

In Figure 12c—e, it can be seen that the average grain area of titanium alloys increases
with the increase in deformation temperature. The average grain area increases slightly
from 37.17 to 37.77 um? when rising from a low temperature of 933 K to a high temperature
of 1083 K, and the grain shape does not change much. When the heating temperature rises
from 1083 to 1113 K, the average grain area increases significantly from 37.17 to 49.49 um?,
and the elongated grains to the equiaxial transformation trend. DRX is usually accompanied
by significant changes in grain area, especially at high temperatures accompanied by grain
recrystallization and the grain growth process [32]. Dynamic recovery (DRV) is the recovery
process of the original grains, in which the grains are elongated and flattened, and the grain
boundaries are widened, but the change of grain size is not obvious [33]. In Figure 13c-e,g,
it is found that when the heating temperature increases from the low temperature 933 K to
high temperature 1083 K, the titanium alloy LAGBs account for a slight increase from 47.8 to
48.4%. When the temperature increases from 1083 to 1113 K, the percentage of LAGBs
starts to decrease, from 48.4 to 40.6%. In the DRX process, nascent recrystallized grains only
partially exist, or even no LAGBs exist, and the boundaries between small grains will be
reorganized by atomic diffusion during grain growth, resulting in the reduction in LAGBs,
and a large portion of the LAGBs are generated in the DRV process. This means that the
main thermal deformation mechanism during the heating of the TA4 titanium alloy from a
low temperature (933 K) to high temperature (1083 K) is DRV, which leads to little change
in grain size and a slight increase in the percentage of LAGBs. When the temperature is

116



Crystals 2025, 15, 290

above 1083 K, the main thermal deformation mechanism is DRX, resulting in a significant

increase in grain size and a decrease in the percentage of LAGBs [34].
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Figure 12. Deformed alloy grain sizes: (a) 1033 K/0.1 s~1; (b) 1033 K/0.01 s71; () 933 K/1s71;
(d) 1083 K/1s%; (e) 1133 K/1 s 1.

To further discuss the thermal deformation mechanism of the TA4 titanium alloy, the
percentage of dynamically recrystallized grains, substructures, and deformed grains in
the typical characteristic regions of the TA4 titanium alloy were counted using the grain
orientation spread (GOS) parameter as shown in Figure 14. In these microstructures, grains
with GOS < 2° are considered as recrystallized grains and are marked in a blue color.
Grains with GOS > 7° are deformed grains and are marked in a red color. Grains with
2° < GOS < 7° are substructured and are marked in a yellow color. In Figure 15, some
equiaxed grains surrounded by HAGBs appear in the low dislocation region, which are
recrystallized grains. There are also some irregularly shaped grains surrounded by LAGBs,
which are substructures, and these grains are usually caused by the DRV process [35,36].

It can be found in Figure 14a,b,g that the percentage of recrystallized grains increases
significantly from 18.4 to 36.6% with the decrease in strain rate, and the percentage of
substructures decreases from 66.5 to 60.5%. This indicates that a considerable portion of the
substructure is transformed into recrystallized grains at this time, and this phenomenon
is a hallmark feature of dynamic recrystallization. From Figure 15a,b, it can be obtained
that the dislocation density decreases significantly with the decrease in strain rate, and
the average value changes from 0.55 to 0.34. This indicates that with the decrease in
strain rate, the recrystallization process has enough time to consume dislocations, form
new grains, and reduce the dislocation density. It is also noted that 1033 K/0.01 s ! is
in the optimal processing zone A of Figure 11, when the grain size is the largest, the
percentage of recrystallization is the largest, and the average orientation difference is the
lowest value of only 0.49, which indicates that it has a better processing performance and
is in agreement with the results obtained from the thermal processing diagram. When the
deformation temperature is gradually increased, the percentage of both recrystallization
and substructure increases [37]. However, it is worth noting that when the temperature
increases from 933 to 1083 K, the percentage of recrystallization only increases from 14.1 to
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14.4%, and the percentage of substructure increases significantly from 45.9 to 61.8% as
shown in Figure 14¢,d,f. From Figure 15¢,d, we see that the dislocation density decreases
significantly at this time, the average value changes from 0.95 to 0.63, and the kernel
average misorientation (KAM) value near the grain boundary is larger than that in the
grain. This indicates that a large number of dislocations generated inside the grains during
the deformation process are rearranged and reorganized under the influence of DRV to
form small-angle grain boundaries, which are also known as subgranular boundaries,
and the most substructures surrounded by LAGBs are formed. At the same time, DRV is
more likely to cause the dislocations inside the grains to slip, climb, and annihilate, which
leads to a relatively low KAM value inside the grains. When the temperature increases
from 1083 to 1133 K, the percentage of recrystallization increases from 14.4 to 22%, the
percentage of substructure increases from 61.8 to 67%, and the percentage of deformed
grains decreases from 23.8 to 11%. At this time, it can be seen from Figure 15d,e that its
overall dislocation density increases, the average value changes from 0.63 to 0.79. The
increase in the percentage of recrystallized grains in this temperature interval implies
that the dynamic recrystallization process occurs further. However, the rise of the overall
dislocations indicates that it occurs at this point in the process of initial recrystallization
nucleation generation in DRX [38].
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Figure 13. Grain boundary ratio of titanium alloys with different parameters: (a) 1033 K/0.1 s7L
(b) 1033 K/0.01s71; (c) 933 K/1 s 1; (d) 1083 K/1 s71; (e) 1133 K/1 s ; (f,g) size angle grain
boundary ratio.
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4. Discussion

Recent studies on the thermal deformation of o-titanium alloys have provided valu-
able insights into their behavior under various processing conditions. Ma et al. [39]
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conducted uniaxial tensile tests over a temperature range of 1173-1248 K and strain rates
of 0.0005-0.01 s~ !, establishing a theoretical basis for parameter selection during the super-
plastic deformation phase. Similarly, Wang et al. [40] examined the flow characteristics and
dynamic recrystallization (DRX) mechanisms within a temperature range of 1073-1243 K
and strain rates from 0.001 to 5 s~!. Their research resulted in a process map with three
optimized processing windows and a destabilization zone, contributing further to the
understanding of superplastic deformation. Yu et al. [41] explored the relationship between
deformation mechanisms and microstructural evolution in the 1093-1193 K/0.01-10 s ! pa-
rameter domain, developing an evolutionary model for thermal deformation mechanisms
and defining a processing exclusion zone.

These studies share two key features: first, they focus primarily on temperatures near
the critical phase transition temperature, mainly investigating phase-transition-induced
microstructural changes; second, they lack a thorough analysis of broader temperature
ranges, particularly with respect to dynamic recrystallization, microstructural evolution,
and the quantitative relationships between process parameters in these regions.

Our study addresses these limitations by extending the investigation beyond the
traditional phase transition temperature region, focusing on a processing window
(933-1133 K/0.01-10 s~ !) commonly used in industrial applications. We systematically
examine the thermal deformation mechanisms and microstructural evolution of near-o
titanium alloys within this parameter range, employing thermal simulation experiments
and various characterization techniques. This research not only establishes a foundation
for selecting processing parameters but also fills a critical gap in the theoretical framework
for processing in this temperature range. Ultimately, it provides valuable insights to guide
the precise shape control of titanium alloy components.

In this work, the influence of processing parameters on microstructural evolution is
analyzed by modeling the competing mechanisms of dynamic recrystallization (DRX) and
dynamic recovery (DRV) during the hot deformation of the TA4 titanium alloy. Experimen-
tal results reveal a strong sensitivity to strain rate: at a fixed temperature of 1033 K, the
DRX volume fraction is only 18.4% at a strain rate of 0.1 s~! but increases to 36.6% when
the strain rate is reduced to 0.01 s~ 1. Statistical analysis shows that when the strain rate
is <0.1s71, recrystallized grains are broadly distributed in the microstructure (with an
average orientation difference of <0.55°), confirming DRX as the dominant softening mech-
anism. However, when the strain rate exceeds 0.1s71, a temperature-sensitive behavior
emerges in the deformation mechanism. Further analysis reveals that at lower temperatures
(933-1083 K), DRV, characterized by dislocation cell wall remicrostructure, is the primary
softening mechanism, with a larger average orientation difference and a combined ratio of
subcrystalline and deformed grains exceeding 78%. At higher temperatures (1083-1133 K),
while DRX remains the dominant softening mechanism, the average orientation difference
remains >0.63°, indicating that DRX is still inhibited by high strain rates. Based on these
findings, the optimal processing window is determined to be a heating temperature of
1033 =4 20 K combined with a strain rate of 0.01-0.05 s .

5. Conclusions

In this paper, isothermal compression tests were carried out on the TA4 titanium
alloy specimens using the Gleeble-3800 thermal simulation testing machine to study
the thermal deformation behavior of the TA4 titanium alloy in the processing range of
933-1133 K/0.01-10 s~1, and the following conclusions were drawn:

(1) The constitutive equation based on the strain-compensated Arrhenius model
was established for the TA4 titanium alloy. After analysis, the correlation coefficient
between the predicted and experimental values of this constitutive model is 0.9612, the
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average absolute percentage error is 8.7210%, and the average root mean square error is
11.0635 MPa, which indicates that this constitutive equation has a better prediction ability
for the rheological stresses in the temperature interval of 933-1133 K and the interval of
strain rate of 0.01-10 s ! for the TA4 titanium alloy.

(2) The optimal processing region of the TA4 titanium alloy is mainly divided into two
regions, in which the region with the largest energy dissipation efficiency factor is located in
the region of medium temperature and low strain rate, with the maximum value of 0.44. The
optimal processing region with the larger energy dissipation efficiency factor is as follows at
different strains: the optimum machining zone at a strain of 0.9 is 1040~1133 K/0.01~0.7 s~ 1.
The optimum machining zone at a strain of 0.6 is 940~1000 K/0.01~0.04 s~ 1. The optimum
machining zone at a strain of 0.3 is 940~1000 K/0.01~0.08 s~ 1

(3) With the decrease of strain rate and the increase of deformation temperature,
the grain area increases, the proportion of large-angle grain boundaries increases, and
the proportion of dynamic recrystallization increases. The dislocation density increases
with decreasing strain rate, and shows a tendency of decreasing and then increasing with
increasing deformation temperature.

(4) The main deformation softening mechanism of the TA4 titanium alloy during
thermal deformation is DRV at a low temperature and high strain rate, at a high temperature
and high strain rate, and at a low strain rate. The optimal process window is determined to
be a 1033 4 20 K heating temperature matched to 0.01-0.05 s~! strain rate combination.
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Abstract

Crystallography, a cornerstone of materials science, provides critical insights into material
structures through techniques such as X-ray diffraction (XRD). Among the metrics derived
from XRD, intensity serves as a key parameter, reflecting the electron density distribution
and offering information about atomic arrangements and sample quality. Due to its inherent
variability and susceptibility to extreme values, intensity is best modeled using heavy-
tailed, location-scale probability distributions. This paper investigates the model parameter
estimation problem for three such distributions—log-Cauchy, half-Cauchy, and Cauchy
Birnbaum-Saunders—using several methods, including maximum likelihood and the
maximum product of spacings estimation methods. Monte Carlo simulations are conducted
to assess the performance of these methods across various scenarios. Additionally, two
real XRD intensity datasets are analyzed to compare the applicability and effectiveness of
the proposed models. The results demonstrate the potential of heavy-tailed distributions
for modeling XRD intensity data, providing a robust framework for future research and
practical applications in material characterization.

Keywords: Cauchy Birnbaum-Saunders distribution; half-Cauchy distribution; log-Cauchy
distribution; maximum likelihood estimation; maximum product of spacings; data analysis
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1. Introduction

Materials science is at the forefront of technological and industrial innovation, as it
seeks to understand and optimize the properties of materials for various applications. In
this field, crystallography plays a critical role by providing structural insights that link
materials” atomic and molecular arrangements to their macroscopic properties. Techniques
such as X-ray diffraction (XRD) are widely used to study crystalline solids, offering valuable
data that help researchers predict and enhance material performance across industries.
Around eleven decades ago, the discovery of XRD in crystals was pioneered by Nobel
Prize-winning physicists Max von Laue, William Henry Bragg, and William Lawrence
Bragg [1]. Crystallography provides key metrics that inform material characterization,
including alloys, which are critical for industrial applications. For instance, the full width
at half maximum (FWHM), calculated using the Scherrer equation, indicates crystallite
size and strain [2]. Another crucial metric is intensity, which measures the strength of
diffracted X-rays at specific angles. Intensity is directly proportional to the electron den-
sity distribution in the crystal, offering insights into the abundance of crystallographic
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planes, atomic arrangements, and overall sample quality [3]. Recent research has ad-
vanced the understanding and application of XRD metrics, particularly focusing on the
full width at half maximum (FWHM) and intensity measurements. For instance, the
reference intensity ratio method has been explored for phase quantification in nanocrys-
tals, emphasizing the importance of instrumental calibration to ensure accurate FWHM
and intensity assessments [4]. Additionally, advancements in micro-structural analysis
of clay minerals have demonstrated how variations in FWHM correlate with crystallite
size, offering valuable insights into nanoscale structures [5]. Recent research utilizing
the Scherrer method and FWHM includes but is not limited to [6], which focused on the
synthesis and classification of pure and metal-doped hydroxyapatite (HAp), conducting
an in-depth crystallographic analysis; [7], which investigated nanoscale HAp crystals syn-
thesized from calcium carbonate and phosphoric acid using a wet chemical process with
fish and cow bones as natural sources, employing various diffraction-based techniques to
analyze crystallite size, stress, and strain; and [8], which examined gallium oxide nanostruc-
tures synthesized via hydrogen-reducing chemical vapor deposition at different substrate
angles, using X-ray diffraction to confirm their polycrystalline monoclinic structure and
identifying the size-strain plot method as the most suitable for estimating crystallite size
and lattice strain. A study by [9] performed molecular dynamics simulations using the
Born-Huggins—-Mayer-Fumi-Tosi rigid ion potential, accurately predicting the structure
factors and X-ray diffraction intensities of molten alkali halides, with the computed partial
structure factors for six chemical compounds closely matching experimental neutron and
X-ray diffraction data, while also identifying model limitations for molten fluorides and
suggesting extensions for other alkali halides. Further studies have addressed challenges
in intensity measurements during ultrafast diffraction experiments. Optimizing hard X-ray
photon energies has been shown to enhance the coherently scattered signal strength while
minimizing electronic radiation damage, which is critical for applications in silicon crystals
and other materials [10]. Moreover, comprehensive reviews on XRD applications highlight
the broader relevance of FWHM and intensity metrics in crystallographic evaluations,
underscoring their role in characterizing diverse materials, including alloys [11]. Regarding
other directions of XRD research, [12] recently proposed a novel method to significantly en-
hance the angular resolution in XRD experiments. By addressing the limitations associated
with detector pixel size and sample dimensions, the researchers proposed a technique that
achieves a nearly tenfold improvement in resolution compared to traditional single-pixel
methods. This advancement sharpens peak shapes in diffraction data and substantially
reduces noise, improving the signal-to-noise ratio and relevant measurement accuracy.
In terms of machine learning, [13] addressed the challenge of analyzing vast amounts of
XRD data by proposing a deep learning model for the automated classification of crystal
systems and space groups, while [14] enhanced automated phase identification in XRD
analysis by employing neural networks—one trained on XRD patterns and another on
pair distribution functions (PDFs)—to improve accuracy by leveraging both reciprocal and
real-space representations. A recent study by [15] proposed a multi-objective evolutionary
search to solve complex powder X-ray diffraction (PXRD) patterns by optimizing enthalpy
and pattern similarity. The proposed method overcomes computational and experimental
limitations, improving accuracy and efficiency in structure prediction for various inorganic
systems and significantly reducing computation time.

Intensity can be viewed as a phenomenon that can be modeled using a probabilistic
framework, such as a probability distribution, from a statistical perspective. Statistical
modeling of intensity data aims to capture its variability and underlying patterns, often
influenced by factors such as experimental noise, crystallographic imperfections, and mate-
rial heterogeneity. By employing appropriate probabilistic models, researchers can gain
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deeper insights into the structural characteristics of materials and evaluate the reliability
and robustness of XRD measurements. Since the distribution of XRD measurements may
exhibit heavy-tailed behavior, selecting an appropriate probability distribution is essential
for accurately modeling the phenomenon. A heavy-tailed probability distribution, some-
times called a pathological distribution, is characterized by tails that decay more slowly
than those of standard distributions. A well-known example of a pathological distribution
is the Cauchy distribution. Mathematicians sometimes use the term pathological to describe
mathematical functions designed to contradict or violate certain universally accepted as-
sumptions, properties, or theorems; see, for example, [16]. This property increases the
probability of extreme values, making heavy-tailed distributions particularly effective for
capturing phenomena marked by significant outliers or high variability. Such distributions
are widely applicable across diverse fields, including finance, physics, and materials sci-
ence, where rare but impactful events or measurements are crucial. For general information
about probability distributions, see [17,18]. For contributions about heavy-tailed proba-
bility distributions, see, for example, [19-22]. Recently, [23] examined the challenges that
heavy-tailed distributions pose to traditional statistical inference methods. The researchers
discussed the implications of heavy-tailed data in various fields. They emphasized the need
for robust statistical methods that account for such distributions to ensure accurate and
reliable inference. Furthermore, a heavy-tail model that may be appropriate for modeling
phenomena and processes with extreme values called the Cauchy-Logistic Unit Distribu-
tion was proposed by [24]. They transformed the Cauchy distribution into a unit interval
using generalized logistic mapping. Accordingly, they discussed distributional properties
(e.g., moments and entropy) and parameter estimation. A recent study by [25] indicated
that grain refinement could broaden diffraction peaks close to the Cauchy distribution in
their XRD analysis.

In the context of XRD, heavy-tailed distributions are particularly valuable for modeling
intensity data, as they effectively capture high-intensity diffraction peaks and the variability
caused by structural irregularities or experimental conditions. This study addresses the
problem of estimating the parameters of three heavy-tailed, location-scale probability
distributions, which are well suited for modeling intensity metrics derived from XRD data.
A location-scale family of probability distributions consists of distributions that can be
expressed in terms of a standardized form through location and scale parameters. Notable
examples of these distributions include but are not limited to the normal and exponential
distributions. These distributions are useful because they allow flexibility in modeling
data by shifting and rescaling a base distribution. By employing these distributions, this
study aims to improve the understanding and reliability of intensity modeling in materials
science. To achieve this, two estimation methods—maximum likelihood and maximum
product of spacings—are utilized. These methods are selected for their distinct approaches
to parameter estimation and their applicability to heavy-tailed distributions. Monte Carlo
simulations are conducted to evaluate the performance of each estimation method across
the three distributions. Additionally, two intensity datasets of lead-tin alloy are analyzed
to compare the effectiveness of the considered distributions in practical scenarios. The
datasets, originally obtained from [26], explore the structural and mechanical properties
of lead-tin alloys using XRD methods and Vickers microhardness testing. Figures 1 and 2
show the histograms of the considered datasets.

The remainder of this paper is structured as follows. Section 2 overviews the heavy-
tailed, location-scale probability distributions. Section 3 discusses the estimation methods
of interest. Section 4 reports the analysis of the considered real datasets, while Section 5
reports the outcomes of the Monte Carlo simulation study conducted to examine estimation
efficiency numerically. Section 6 concludes this paper.
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Figure 1. Histogram of intensity data from [26].
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2. The Candidate Probabilistic Models for Intensity

This section provides an overview of the three heavy-tailed, location-scale probability
distributions considered in this study. For each distribution, the probability density function
(PDF), cumulative distribution function (CDF), and quantile function (QF) are presented.
The latter function is essential for simulating data from these models. In contrast, the
remaining functions are vital for estimating the parameters using the maximum likelihood
and maximum product of spacings methods. These distributions are related to the Cauchy
distribution, an elliptical probability distribution notable for its counterintuitive properties,
such as the absence of a well-defined mean.
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2.1. The Half-Cauchy Distribution

The half-Cauchy (HCA) distribution is a continuous probability distribution derived
from the Cauchy distribution by restricting its domain to non-negative values, i.e., trun-
cating it at the location parameter. It is commonly used as a prior distribution in Bayesian
statistics, particularly for scale parameters, due to its heavy-tailed nature, allowing for
greater modeling robustness [27]. A recent application of the half-Cauchy distribution
as a hyperprior in Bayesian models and its practical use in disease mapping is discussed
in [28]. A random variable X is said to follow the half-Cauchy distribution with a location
parameter # € R and a scale parameter o € R if its PDF, CDF, and QF are given by

flop o) = T X > 1)
7'(0{1—1— (x%) ]
. _2? X—p
F(x;pu,0) = narctan( - ), x>, )
and -
Q(p;y,a):y+atan(7p), 0<p<l, 3)

respectively. Although u can be negative in this model, it is reasonable to impose u > 0
since the data considered in this study are positive, and the half-Cauchy distribution can
be interpreted as a lifetime distribution, which must have positive support.

2.2. The log-Cauchy Distribution

The log-Cauchy (LCA) distribution is a continuous probability distribution derived
from the Cauchy distribution by taking the exponential of a random variable that follows
a Cauchy distribution. It is instrumental in modeling positive-valued data with heavy
tails, in which extreme values play a significant role. The log-Cauchy distribution has
applications in various fields (see, for example, [29,30]). A random variable X is said to
follow the log-Cauchy distribution with a location parameter i € R and a scale parameter
o € Ry if its PDE, CDF, and QF are given by

fluo)= L x>, (4)

n(x—y){l-i— [1og(’3,l*)]2}'

F(x;pu,o) = % arctan (log [

and

1
)—1—2, x> U, (5)

Q(p;u,v)=ﬂ+aexp(tan(n[p—§ )) 0<p<l, (6)
respectively.

2.3. The Cauchy Birnbaum—Saunders Distribution

In materials science, understanding the fatigue of material under periodic stress, such
as pressure and cyclic loading, is crucial for assessing reliability. The Birnbaum-Saunders
(BS) distribution, introduced in [31,32], has been extensively used to model fatigue data.
It is a skewed probability distribution with a non-monotonic hazard rate function. Subse-
quent work [33] provided a biological justification for the BS distribution, broadening its
applicability. The BS distribution shares properties with the log-normal distribution due to
its relationship with the normal kernel. This connection has led to significant attention in
the statistical literature, with hundreds of publications and a dedicated monograph [34]
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exploring its properties and applications. Generalizations of the BS distribution have also
been proposed by replacing the normal kernel with other symmetric kernels, such as that
of the Cauchy distribution [35]. The Cauchy Birnbaum-Saunders (CBS) distribution is
obtained by replacing the normal kernel with the Cauchy kernel. Recently, [36] mathe-
matically discussed the shape of the CBS distribution’s density function and failure rate
function. They also studied a quasi-maximum likelihood estimator for the shape parameter,
assuming that the point estimate of the scale parameter of the CBS distribution is the sample
median. Furthermore, they acquired regression and logarithmic moment estimations for
the model parameters. In contrast, [37] considered several frequentist estimators different
from those considered by [36]. A random variable X is said to follow the CBS distribution
with a location parameter ¢ € R and a scale parameter ¢ € R if its PDF, CDF, and QF are

given by
B(x;u,o
flp o) = b 0) N X > )
27(x = ) (1+ [Ax 1, 0)?)
1 1
F(x;p,0) = ;arctan(A(x; o))+ 5 X>H 8)
and

2
Qlpp,o)=pn+ Z{q(r’) +/la(p))? +4} , 0<p<l, ©)

respectively, where

A(x;u,0) = - , (10)

+ , (11)

and q(p) = tan(7t[p — 0.5]).

Before concluding this section, it is essential to mention that these probability distribu-
tions have undefined statistical properties, such as the mean and variance. Figure 3 shows
the PDFs of these three models, assuming = 0 and o =1 (i.e., standardized forms).
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Figure 3. The PDFs of the standard probabilistic models for intensity analysis (1 = 0,0 = 1).
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3. Parameter Estimation Methodologies

This section discusses estimation methods for the probability distributions mentioned
in the previous section.

3.1. Maximum Likelihood Estimation

Maximum likelihood estimation (MLE) is a widely used statistical method for esti-
mating the parameters of probability distributions by maximizing the likelihood function,
which represents the probability of observed data given specific parameter values. The
versatility and efficiency of MLE have made it a fundamental tool in various scientific
disciplines, including physics, where precise modeling and analysis of experimental data
are crucial. In the context of X-ray Powder Diffraction (XRD) analysis, MLE has been
employed to improve the accuracy of structural parameter estimation. For example, [38]
demonstrated the application of MLE to analyze XRD data for cubic and tetragonal systems,
leading to more reliable evaluations of lattice parameters and their standard deviations.
This approach was successfully applied to materials such as yttrium-doped BaTiO3, show-
casing MLE'’s superiority over traditional estimation methods. Another notable application
of MLE in XRD analysis is its use in refining observed diffraction intensity data. An analyt-
ical method based on MLE to optimize Rietveld refinement parameters and better quantify
errors in statistical models was considered in [39]. This method has been shown to improve
the accuracy of structural refinements for compounds such as fluorapatite (Cas5(PO4)sF),
anglesite (PbSO;), and barite (BaSO,). Although various estimation methods exist in the
statistical literature, MLE remains superior, as some alternatives rely on distributional
properties such as moments. Methods that cannot be applied to the considered models
include the Method of Moments and its generalization [40], as well as the L-Moments
method [41].

Suppose that x = (x1,...,x,) represents a random sample of size n. If the
model parameters are denoted by & = (y,0) € ® C R?, consider the following
maximization problem:

n
maximize ((0|x) = ) log f(x;; u,0) (12)
0cO =
st ueR, ceRy,

where f(-;u,0) is given by (1), (4), or (7). By solving the above problem, the maximum
likelihood estimators (MLEs) of 0, say, 6= (f1,0), are obtained as follows:

6 = argmax £(8|x).
ueR, ceRy

3.2. Maximum Product of Spacings

The maximum product of spacings (MPS) methodology was introduced by [42,43]
and independently formalized by [44]. This method emerged as an alternative to max-
imum likelihood estimation (MLE), particularly to address certain limitations of MLE,
such as inconsistencies in parameter estimation for heavy-tailed distributions or models
with unknown shift parameters. MPS is a special case of a broader class of estimation
methods using spacings [45]. The methodology maximizes the product of spacings be-
tween ordered data points, leading to robust parameter estimation in scenarios where
likelihood-based approaches might fail, for instance, when the likelihood function becomes
unbounded. MPS is especially advantageous in cases involving heavy-tailed distribu-
tions or models with unknown shift parameters, as the likelihood function can become
unbounded, leading to inconsistencies in MLE. This issue is prevalent in fields such as
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reliability studies and hydrology, where accurate modeling of extreme events is crucial [46].
Furthermore, unbounded MLE occurs when the likelihood function (or its natural log-
arithm) becomes arbitrarily large without converging to a finite maximum, commonly
observed in heavy-tailed probability distributions. The challenges of applying MLE to such
distributions with limited data were discussed in [47], who suggested that the estimators
might fail to exhibit the expected asymptotic properties, potentially leading to inaccuracies
in parameter estimation.

Suppose that x = (X1, ..., Xn:n) are the ordinary order statistics of a random sample
of size n, ie., x15y < -+ < Xpy. Under the MPS framework, consider the following
maximization problem:

n+1
imize S(0 log A; 13
maximize (0]x) o 1; og A, (13)

st ueR, ceRy,

such that
F(x1.051,0) ifi=1
A; = F(xi:n; H, (7) - F(xifl:n; H, U) ifl<i<n
1— F(xpn; 1, 0) ifi=n+1

where F(-; j,0) is given by (2), (5), or (8). By solving the above problem, the maximum
product of spacings estimators (MPSEs) of 6, say, 8 = (fi, &), are obtained as follows:

6 = argmax S(0|x).
ueR,ceR

4. Intensity Data Analysis

The data for this study were derived from an experimental analysis of a lead-tin alloy
conducted using X-ray diffraction (XRD) methods. This study focuses on three samples: a
standard lead-tin sample, a recycled ingot, and a sample prepared from powdered recycled
ingot treated thermally. The XRD analysis captures critical diffraction properties, including
intensity and integrated intensity, which are primary indicators of the material’s structural
and phase composition. The intensity measurements, recorded as peak heights in the
diffraction spectra, indicate the relative abundance and orientation of specific crystalline
phases. Peaks corresponding to the lead (Pb), tin (Sn), and tin oxide (SnO) phases were
identified. The recycled and thermally treated samples revealed the emergence of a stable
tin oxide phase, as evidenced by distinct diffraction peaks. The integrated intensity, rep-
resenting the area under each diffraction peak, provides a more comprehensive measure
of the contribution of each phase. It accounts for the peak height and width, offering
insights into phase proportions and grain sizes. For instance, this study highlights how the
integrated intensity varies across phases in the samples, reflecting changes in composition
due to thermal and mechanical treatments. These intensity-based metrics were pivotal
in determining the structural transformations and phase distributions across the samples.
Their analysis facilitated a deeper understanding of the effects of recycling and thermal
treatments on the alloy’s properties, particularly the emergence of the SnO phase and its
role in mechanical strengthening [26].

All numerical results in this section and the next section were obtained using R, a sta-
tistical computing environment [48]. The data analysis involved several key steps. Since
the data were assumed to originate from a heavy-tailed population, summary statistics,
such as the mean and standard deviation, are not meaningful. Instead, robust measures,
including the minimum, first quartile (Q;), median, third quartile (Q3), maximum, and
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median absolute deviation (MAD), were computed for each dataset to characterize the
distribution. To estimate the parameters of interest, the objective functions (12) and (13)
were maximized using the R function optim with the L-BFGS-B algorithm [49-51]. The
L-BFGS-B method is an efficient optimization technique for problems with box constraints,
leveraging a limited-memory BFGS approximation of the Hessian matrix to handle op-
timization problems effectively. This approach directly incorporates parameter bounds
without requiring additional transformations or barrier methods. For initialization, the
MAD statistic was used as the starting value for the scale parameter . However, the
location parameter y lies within the domain of the random variable, which violates one
of the regularity conditions for maximum likelihood estimators (MLEs). Several regular-
ity conditions ensure the existence, consistency, asymptotic normality, and efficiency of
MLEs. These include but are not limited to the log-likelihood function’s differentiability
and the Fisher information’s finiteness. For further details, see [52,53]. To address this
issue, a re-parameterization was introduced, defining y = x1., — 6, where 0 < § < x1.,.
This transformation ensured that the regularity conditions were satisfied. The gradients
of the objective functions with respect to § and ¢, necessary for the BFGS algorithm, are
provided in Appendix A. For each estimation method and dataset, the goodness of fit was
assessed using the Kolmogorov-Smirnov (KS) [54,55], Anderson-Darling (AD) [56], and
Cramér—von Mises (CvM) [57,58] statistics. Since the data contained ties and the model
parameters were estimated, the p-values for these statistics were calculated using a para-
metric bootstrap approach with B = 1000 resamples as follows: First, the model parameters
u and o were estimated from the observed data, yielding fi and ¢. These estimates were
then used to generate random samples from the specified distribution. For each bootstrap
sample, the goodness-of-fit statistic was computed, and this process was repeated B times
to produce a distribution of the test statistics. The p-value was calculated as the proportion
of bootstrap statistics exceeding the observed value. This approach accounts for ties in the
data and the estimation of model parameters. For foundational knowledge, readers should
consider [59], which provides an excellent introduction, while Davison and Hinkley [60]
offer a comprehensive treatment of bootstrap methods and their applications. For those
seeking an accessible introduction, Chernick [61] explains the bootstrap with an emphasis
on conceptual understanding.

Table 1 presents the previously mentioned statistics. These statistics reveal that both
datasets are heavy-tailed since the distance between Q3 and the maximum is drastically
large. Table 2 shows the data analysis for the intensity datasets alongside the considered
goodness-of-fit metrics, while Table 3 provides similar information but for the integrated
intensity dataset. It is important to note that the presence of ties complicated the calculation
of the MPSEs, as the standard method could not be applied directly. Instead, a generalized
version of the MPS method was employed to obtain the required estimators. Additional
details about this generalization can be found in [62]. The aforementioned tables indicate
that the HCA distribution fits the data better than the LCA and CBS models. To strengthen
this conclusion, Figures 4-7 visually support the claim that the HCA model is suitable
for both datasets, while Table 4 presents the information criteria based on MLE, namely
the log-likelihood (¢), Akaike Information Criterion (AIC) [63], and Bayesian Information
Criterion (BIC) [64]. All information criteria emphasize that the HCA model should be
considered for the two datasets.
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Table 1. Summary statistics for intensity and integrated intensity datasets. Clearly, the gaps between
the median, the third quartile, and the maximum are large, which indicates that the data might follow
a heavy-tailed probability distribution.

Data Minimum 0O Median Q3 Maximum MAD
Intensity 13 36.25 735 17125 1482 704235
Integrated ) 193.8 3645 681 8106 364.7196
Intensity

Table 2. Intensity data analysis and goodness of fit. The HCA model yielded the lowest KS and
CvM statistics and the highest AD statistic. All parametric bootstrap p-values exceeded commonly
used significance levels, providing insufficient evidence to reject the assumption that these models
adequately fit the data. Notably, the HCA model had the highest p-value.

A 5 p- p- p-
Model Method i g KS Value AD Value CvM Value

HCA MLE 13 65316 0.078 0.823 0.731 0.846 0.035 0.817
MPS 9916 72580 0.069 0917 0314 0.651 0.040 0.677

LCA MLE 13 62.011 0.111 0451 0.675 0.342 0.073 0.479
MPS 12753 65154 0.110 0573 0717 0391 0.073  0.594

CBS MLE 13 61.033 0.091 0.677 0654 0511 0.053 0.626
MPS 11943 65.618 0.095 0.622 0502 0485 0.052 0.639

Table 3. Integrated intensity data analysis and goodness of fit. The HCA model recorded the smallest
KS and CvM statistics while achieving the largest AD statistic. Since all parametric bootstrap p-values
were above standard significance thresholds, there is no substantial evidence to reject the hypothesis
that these models appropriately describe the data. Notably, the HCA model had the highest p-value.

A 5 p- p- p-
Model Method i o KS Value AD Value CvM Value

HCA MLE 42 344446 0.074 0875 0710 0939 0.030 0.891
MPS 25669 384754 0.097 0436 0292 0703 0.045 0.601

LCA MLE 42 345985 0.098 0.636  0.657 0356 0.076  0.462
MPS 41417 372.070 0.102 0.680 0.744 0374 0.088 0.516

CBS MLE 42 340.019 0.080 0.839 0.617 0.609 0.050 0.646
MPS 37582 370.683 0.098 0572 0494 0491 0.061 0.525

Table 4. Information criteria calculated using MLEs, showing that the HCA outperforms the
other models.

Data Model £ AIC BIC
Intensity HCA —235.35 474.69 47797
LCA —241.29 486.59 489.86
CBS —238.74 481.47 484.75

Integrated HCA —294.22 592.43 595.71
Intensity LCA —299.82 603.65 606.92

CBS —297.22 598.44 601.71

133



Crystals 2025, 15, 188

ECDF vs Fitted CDF using MLEs
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Figure 4. Fitting CDFs to intensity data and comparing them to the empirical CDF (ECDEF), assum-
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ECDF vs Fitted CDF using MLEs
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Figure 6. Fitted CDFs and the ECDF based on integrated intensity data under the MLE framework.
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Figure 7. Fitted CDFs and the ECDF based on integrated intensity data under the MPS framework.
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5. Monte Carlo Simulation Study

Simulation studies are crucial for assessing the performance of estimation methods
under various scenarios, providing a robust framework for comparing their efficiency
and accuracy. In practice, various estimators can be obtained for the parameters of a
given model. To evaluate and compare the performance of these estimators, researchers
often conduct Monte Carlo simulation studies, which offer numerical insights from both
statistical and computational perspectives. Examples of such studies include [65-73],
among others.

This section presents the outcomes of Monte Carlo simulation experiments designed
to evaluate the performance of two estimation methods under varying sample sizes and pa-
rameter configurations. These simulations provide a basis for identifying the most reliable
and efficient estimation method for the considered model. The simulation results are based
on 1000 random samples from the considered distributions with different combinations of
values for the model parameters and sample sizes. That is, the simulation study assumes
n =10,20,...,100, p = 0, and ¢ = 1, without loss of generality. The root mean squared
error (RMSE) is used as the evaluation metric to measure estimation efficiency, and it is
defined as

(i — u)* and RMSE(&) =

=

Il
—_

RMSE(j1) =

=

where N = 1000 and f1; (¢;) is an estimator of the model parameter y (o) based on simulation
repetition i. In addition to estimation efficiency, the goodness of fit of the estimated model
parameters is evaluated using two metrics: the average absolute difference between the
true and estimated CDFs (D,;,s) and the maximum absolute difference between the true
and estimated CDFs (Dpax). These are determined as

1 N n .
Dgps = 2 Z‘F(xj}]/l/0'> — F(xj; 01, 07) |,
nx N =5
and
1N
Dimax = — F(xj;p,0) — F(xj; f1;,07) |,
o = 3y 2 B F ) = P 1)

respectively, where F(x; i, ) is given by (2), (5), or (8), and #; (¢;) is an estimator of the
model parameter y () based on simulation repetition i.

An estimator is considered computationally efficient when the simulated RMSE ap-
proaches zero as the sample size increases, regardless of the underlying probabilistic
model. Figure 8 demonstrates that the MPSEs of p are more efficient than the MLEs,
whereas Figure 9 indicates that the MLEs of ¢ outperform their MPSE counterparts. In the
goodness-of-fit analysis, a pair of estimators is deemed effective if the metrics D,p,s and
Dmax approach zero as the sample size increases and remain robust to the heaviness of the
distribution’s tail. Such a pair minimizes the differences between the true and estimated
CDFs. Figures 10 and 11 show that the MPSEs exhibit superior performance in terms of the
goodness of fit compared to the MLEs. As the sample size increases, both methods have an
indistinguishable behavior.
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Figure 8. Simulated RMSEs for the estimators of y. The MPSE outperforms the MLE for small
samples. However, as the sample size increases, the behavior becomes similar, except for the HCA
distribution, where the MPSE of y is superior to its MLE counterpart even as the sample size increases.
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Figure 9. Simulated RMSEs for the estimators of ¢. As the sample size increases, both methods
behave similarly. However, the MLE performs better than the MPSE for small sample sizes.

137



Crystals 2025, 15, 188

Sample Size

LCA

10

o

9

o

8

o

Dabs
7

o

0.08
6

o

0.06
5

o

0.04
4

o

0.02
3

o

2

(=]

_
o

MPSE MPSE
Method

Figure 10. Simulated average absolute difference between the true and estimated CDFs. The MPSE
framework provides fitted models that are better than those of its MLE counterpart. As the sample
size increases, both methods behave similarly.
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Figure 11. Simulated maximum absolute difference between the true and estimated CDFs. Once
again, the MPSE framework outperforms its MLE counterpart in terms of the goodness-of-fit criterion.
As the sample size increases, both methods behave similarly.

6. Conclusions

This study emphasizes the critical role of statistical modeling in enhancing the re-

liability and understanding of X-ray diffraction (XRD) intensity data, mainly through
the utilization of heavy-tailed location-scale probability distributions. By addressing the
challenges associated with high-intensity diffraction peaks and structural variability, this re-
search demonstrates the applicability of heavy-tailed distributions in capturing the inherent
variability of XRD intensity metrics. Three heavy-tail, location-scale probabilistic models
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are considered in this research. For each model, maximum likelihood and maximum prod-
uct of spacings estimators are obtained for the model parameters. This study evaluated
the performance of these estimators via Monte Carlo simulations and applied them to real-
world datasets of lead-tin alloys. Data analysis revealed that the half-Cauchy distribution is
potentially the best model to fit the intensity and integrated intensity data, followed by the
Cauchy Birnbaum-Saunders distribution. Monte Carlo simulations showed that the MPS is
the optimal framework for estimating y;, while the MLEs of ¢ are the preferred estimators
for small sample sizes. In terms of the goodness of fit, the MPSEs are the optimal choice.
Nevertheless, as the sample size increases, all methods perform similarly.

There remain several research directions to explore for these heavy-tail models. For
example, could estimation under right censoring improve efficiency? An important avenue
for future research is investigating estimation under conventional, progressive, and hybrid
censoring schemes, assuming the considered probability distributions or their general-
izations and extensions. Another promising direction is exploring alternative estimation
methods, such as least-squares-based approaches. Lastly, both MLEs and MPSEs are fre-
quentist estimation methods. A significant contribution to the statistical literature would
be a future study examining Bayesian or other estimation frameworks and comparing their
performance to MLEs and MPSEs under heavy-tail models.
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Appendix A. Mathematical Expressions

This appendix presents the mathematical expressions for the objective functions
and the elements of their gradients required by the L-BFGS-B algorithm to perform the
maximization process. Note that z; = ¢~ !(x;.,, — #), and it is straightforward to show
that % = —g—ﬁ since y = x1.; — 0. Moreover, the first-order derivatives of the objective

function (13) under the MPS framework with respect to u and ¢ are defined as

" D,A; n .
aﬁZZ =y andajzzD”Al
owm I b o = A
respectively, where
—f (X105 1, 0) ifi=1
DuAi =< —[f(xinip,0) — f(xic1p,0)] ifl<i<n
f (nens 1, 0) ifi=n+1
and
—zif (X105 1, 0) ifi=1
DoAi = —zi[f (X 1, 0) = f(xicrsp,0)] ifl<i<n,
Zif (Xpns 4, 0) ifi=n+1

where f(-; u,0) is given by (1), (4), or (7).

139



Crystals 2025, 15, 188

Appendix A.1. Half-Cauchy Distribution

The first log-likelihood function and its first-order derivatives with respect to y and ¢
are given by
n
£(6]x) = Constant — nlogo — ) log {1 + zﬂ ,
i=1
n

a 2d g a2 2
R_Zy _ZH oagpd &ty
ou al.; (1+422) N e L 2

n
e 5+ o

Appendix A.2. log-Cauchy Distribution

For this model, the log-likelihood function and its first-order derivatives with respect
to y and ¢ are given by

£(6]x) = Constant — Y _log(x;.y — ) — Zlog{l + [log(zi)]z},
i=1 i=1

2 i log(z;)

W _2y¢ log(zi) 2
05 (14 [log(z)]*)

ou o i1 zi(1+ [log(zi)]")

2 +(T_1Z ,a d—

Appendix A.3. Cauchy Birnbaum—Saunders Distribution

The final log-likelihood function and its first-order derivatives with respect to 4 and ¢
are given by

n n n
£(0|x) = Constant + Zlog B(Xjp, p,0) — Zlog(xi:n — ) — Zlog{l + [A(Xjn, 1, U)]z},

i=1 i=1 i=1
% o -1 Z xzn/.ur to 1 . A xZ'an/U)B(xi:n/V/U) +0_—1 il
a‘u Zi B(xln’y' ) i=1 Zz{l + [A(xi:n/%a)]z} i=1 Zi,
and
gl _ (20_)71 Z A(x?':nr H 0) + o1 i A(xi:nf M, U)B(xi:nr ,uzf U) )
v = B(xin i, 0) i=1 {1 + [A(Xi, 1, 0))] }
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Abstract

In order to improve the room temperature yield strength of X and enhance its engineering
applicability, a series of CoCr; 7NiYy (x = 0, 0.01, 0.02, 0.03, 0.04, and 0.1 at.%) medium-
entropy alloys were synthesized to investigate the effect of Y addition on the microstruc-
tures and mechanical properties of the CoCr; yNi-based alloy. The X-ray diffraction results
show that the alloys exhibit face-centered cubic (FCC) + body-centered cubic (BCC) +
hexagonal close packing (HCP) triphasic structure when the Y is adopted, whereas the
CoCrj 7Ni-based alloy has a FCC+BCC biphasic structure. The volume fraction of BCC
and HCP phase increased with increasing Y content, which led to alloy grain refinement.
As a result, the microhardness and strength of alloys were both enhanced. The addition
of Y resulted in dispersion strengthening and solid solution strengthening of CoCry yNi
alloy, the appearance of HCP, and an increase in BCC, which improved the room tempera-
ture yield strength and hardness of CoCr; yNi alloy. In particular, for CoCrj 7NiY(; alloy,
its microhardness and yield strength, respectively, increased by 98.18% and 260.59% as
compared with those of CoCry yNi alloy.

Keywords: medium-entropy alloys; rare earth element; yttrium addition; microstructure;
mechanical properties

1. Introduction

In recent years, medium-entropy alloys (MEAs) and high-entropy alloys (HEAs)
have become a quite popular topic; they contain at least three principal metallic elements
rather than only one, as in traditional alloys [1-3]. Due to the thermodynamic high-
entropy effect, structural lattice distortion effect, kinetic hysteresis diffusion effect, and
property “cocktail” effect [4], MEAs and HEAs have excellent properties, such as cryogenic
strength and toughness, thermal phase stability, wear resistance, corrosion resistance, and
so on [5-8]. CoCrNi MEAs with single face-centered cubic (FCC) structures have unique
low-temperature mechanical properties and outperform most HEAs in terms of strength
and plasticity [9-11]. Despite this, CoCrNi MEAs struggle to meet the demands of practical
engineering applications because of low room temperature yield strength. Therefore, it is
of scientific significance to improve the room temperature yield strength of CoCrNi MEAs.

To improve the mechanical properties of MEAs, most researchers generally use the
method of changing element contents and adding elements. Our previous work investi-
gated the effects of Cr content on the microstructure and mechanical properties of CoCr,Ni
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MEAs [12]. The yield strength is enhanced with increasing Cr content due to the precipi-
tated hard phase of Cr-rich BCC precipitated from the FCC phase matrix. In particular, for
CoCr; 7Ni MEA, it has excellent yield strength, and meanwhile maintains relatively good
plasticity. Hong et al. [13] add 1.0 at.% Y into CoCrNi MEAs to improve the strength of the
alloy, and the yield strength increases to 782.6 & 22.8 MPa. Lee et al. [14] added 7.5 at.%
Al into CoCrNi MEAs to precipitate the NiAl-rich B2 phase from the FCC phase matrix,
resulting in significant grain refinement and yield strength increases to 680 MPa. Increasing
the Al, Ti, and Ta elements not only promotes precipitation, but also improves the ther-
mal stability of the nanoscale y-phase and enhances the high-temperature yield strength
(700 °C) of (CoCrNi)gsAl,Ti;Ta MEA up to 620 MPa [15]. Furthermore, elements such
as Hf [16], Nb [17,18], Si [19], and Mo [20-22] were also used to enhance the mechanical
properties of CoCrNi MEAs.

Although the positive effect of the above elements on the mechanical properties of
HEAs/MEAs has been confirmed, they can only improve the yield strength to a small
extent (most of the improvement rates are limited to 100%); CoCrNi alloys have to face
the dilemma of substandard yield strength. The Y element, with a hexagonal close-packed
(HCP) structure, is perfectly suited to solve this problem. With increasing Y content,
two hexagonal structure phases (CaCus type and NisY type) precipitated from the FCC
phase matrix substantially boosted the yield strength of CoCrFeNiYy HEAs (from 202 MPa
to 1440 MPa, with an improvement rate of 712.87%) [23]. The Y has more outstanding
properties for improving the yield strength of HEAs/MEAs than other elements. Y induced
the FCC phase precipitatation from the BCC phase matrix, leading to excellent ultimate
tensile strength and plasticity of CoCrzFesNiYyAly, HEAs [24]. Furthermore, the ability of
Y to improve high-temperature oxidation resistance [25,26] and corrosion resistance [27]
has been confirmed.

Therefore, combined with our previous work [12], to further improve the room temper-
ature yield strength of CoCr; yNi MEA and make it more suitable for practical engineering
applications, a small amount (~0.1 at.%) of Y was added to CoCr; yNi MEA. The effects
of Y content on the crystal structure, microstructure, and room temperature mechanical
properties of CoCr; yNiYy MEAs were studied, and the mechanism will be discussed.

2. Material and Methods
2.1. Preparation of CoCrq ;NiYy MEAs

CoCry 7NiYy MEAs (x =0, 0.01, 0.02, 0.03, 0.04 and 0.1) were prepared by a vacuum
electric arc melting furnace (WK-II). The raw materials adopted Co, Cr, Ni, and Y metal
particles with a purity higher than 99.9%. To ensure all metals were melted completely, the
raw materials were placed in the copper crucible in descending order of melting point. The
ingot was repeatedly turned over six times under the protection of high-purity argon gas
to ensure the uniformity of the alloy composition.

2.2. Composition and Structure Characterization

The crystal structure of the alloys was analyzed using an X-ray diffractometer (XRD,
DS8ADVANCE-A25, Bruker, Billerica, MA, USA) with Cu-K« ray radiation operated in the
scan 26 range of 20-100° at a scan rate of 5°/min. Microstructures were characterized by
scanning electron microscopy (SEM, FEI Nova Nano SEM450, IOCB Prague, Praha, Czech
Republic) equipped with electron backscatter diffraction (EBSD) and an energy-dispersive
X-ray spectrometer (EDS) detector, and the volume fraction of the precipitated phase was
calculated. All samples for XRD and SEM were sliced to 10 x 10 x 3 mm by wire electrical
emancipation machining (WEDM), sanded to 2000 # SiC sandpaper, and polished with
diamond polishing paste.
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A transmission electron microscope (TEM, Talos F200X, Thermo Fisher Scientific,
Waltham, MA, USA) with an EDS detector was used to further observe the microstructure
and confirm the elemental distribution. Specimens of 10 x 10 x 0.3 mm were sliced by an
EDM wire cutter and polished to 100 pm by SiC sandpaper, after which they were punched
into @3 mm discs and pre-thinned, and finally thinned by a pit thinner and an ion thinner.
Finally, the TEM results were analyzed and processed using Digital Micrograph software
(Gatan Digital Micrograph basic).

2.3. Mechanical Property Measurements

To evaluate the mechanical properties of the alloys at room temperature, microhard-
ness tests and compression tests were carried out at room temperature. The microhardness
tests were performed with a micro Vickers hardness tester (HVS-10004, Jinan Hensgrand
Instrument Co., Ltd., Jinan, China) under a load of 0.5 kg for 15 s. For each sample, 20 points
were measured and averaged to ensure the accuracy of the measurement. The samples for
microhardness tests were sliced into 10 x 10 x 0.3 mm by WEDM. Compression tests were
performed using a universal electronic compression tester with a strain rate of 1 x 1073 s~ 1.
The samples for compression tests were sliced into ¢ 4 X 6 mm by WEDM.

3. Results and Discussion
3.1. Microstructure and Phase Identification

Figure 1a shows the XRD patterns of CoCr; 7NiYy MEAs. To facilitate the observation
of the HCP diffraction peaks, the XRD pattern of Y-0.1 alloy was enlarged, as shown in
Figure 1b. It can be found that Y-0 alloy without the addition of Y has a biphasic FCC +
BCC structure. No new phase precipitation was seen in the XRD pattern after the addition
of a small amount of Y; the Y-0, Y-0.01, Y-0.02, Y-0.03 and Y-0.04 MEAs were still FCC +
BCC structures. The crystal structure of the alloys transformed from FCC + BCC biphasic
structure to FCC + BCC + HCP triphasic structure at x = 0.1; a new third phase was
recognized as a hexagonal structure (YNis, CaCus type), and the space group of the HCP
phase was identified as P6/mm. The peak intensity of the HCP precipitates rose together
with the Y content, indicating an increasing volume fraction of precipitates. This indicated
that the addition of Y induced the formation of the HCP phase in CoCrj 7NiYy MEAs.
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Figure 1. (a) The XRD patterns of CoCr; 7NiYy MEAs with a scan rate of 5°/min. (b) The enlarged
XRD pattern of Y-0.1 MEA.
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The SEM images in Figure 2a—f show the microstructures of CoCrqyNiYy MEAs.
In the FCC phase matrix of Y-0 MEA, a small number of BCC phases were scattered
(Figure 2a). After adding Y, precipitates appeared in Y-0.01 (Figure 2b) with random
distributions at the grain boundaries and inside the grains. Although the atomic radius
of the Y element (rY =1.80 A) is larger than those of Co, Cr, and Ni (r Co = 1.25 A,
rCr=128A,rNi=1.24 A), the dissolution of Y in the CoCrNi FCC matrix would cause
lattice distortion. Combined with the XRD phase analysis of Y-0.1 MEA, it is inferred that
the non-spot precipitates were YNis with an HCP phase structure. This diffraction peak
was not reflected in the XRD patterns of Y-0.01, Y-0.02, Y-0.03, and Y-0.04 MEAs, probably
due to the small volume fraction of the HCP phase and the limited detection accuracy of
the XRD equipment. The volume proportion of both precipitates rose with the rise in Y
content, according to SEM analysis.

Figure 2. SEM images of CoCrj 7NiYy MEAs for (a) Y-0, (b) Y-0.01, (c) Y-0.02, (d) Y-0.03, (e) Y-0.04,
and (f) Y-0.1.

Figure 3 displays a succession of EBSD maps for Y-0.01, Y-0.02, Y-0.03, Y-0.04, and Y-0.1.
The alloy possessed equiaxed grains, but the grain sizes were not consistent. Additionally,
the photos showed deformation twinning. Twins typically arise when the energy of the
stacking fault is low [28]. The emergence of twin boundaries restricts the dislocations’
motion, which lowers SFE. As a result, the twins in the metal would promote the high yield
strength of the alloys. The fraction of twin borders only marginally rose with the rise in
Y-doping content, according to the results.

Since no HCP phase diffraction peaks were found in the XRD patterns of Y-0.01, Y-
0.02, Y-0.03, and Y-0.04 MEAs, the elemental distribution of Y-0.03 MEA was qualitatively
characterized by EBSD and TEM-EDS to further confirm the presence of HCP precipitated
phase, and the analytical results are shown in Figures 4a—e and 5a-e, respectively. The
variation of precipitation phase volume fraction with Y content is shown in Figure 4f,
which increases with the increase in Y content, and the precipitation phase volume fraction
gradually increases.
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Figure 3. EBSD images of (a) Y-0.01, (b) Y-0.02, (c) Y-0.03, (d) Y-0.04 and (e) Y-0.1 showing twins
in alloys.
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Figure 4. EBSD images of (a) Y-0.01, (b) Y-0.02, (c) Y-0.03, (d) Y-0.04 and (e) Y-0.1 showing grain
boundaries (black line), precipitates (blue) and Cr-rich organization (yellow) in alloys. (f) The volume
fraction of precipitates and matrix grain size as functions of Y-content in the alloy.

The EBSD images of Y-0.01, Y-0.02, Y-0.03, Y-0.04 and Y-0.1 are presented in Figure 4a—e,
with the grain boundaries and precipitates highlighted with black lines and blue, respec-
tively, for a clear view of the grain boundaries and precipitates. It was evident from the
illustration that the precipitates (in blue) were dispersed at random along the grain borders
and within the grains. Figure 4f depicts the volume fraction of precipitates as a function
curve of Y content and it rose as Y content increased, peaking at about 9.97% for Y-0.1.
Additionally, a small amount of Cr-rich structure (in yellow) was visible both inside and
at the grain borders. The grain size reduces as the Y content increases, as illustrated in
Figure 2a—f. This occurrence was brought about by the inhibition of grain formation, which
was brought about by the Y element in the solid solution matrix as well as the presence of
precipitates [14].
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Figure 5. (a) TEM bright-field image, TEM-EDS patterns of (b) Co, (c) Cr, (d) Ni, and (e) Y, and SAED
pattern of (f) matrix, (g) precipitates with spots, and (h) precipitates without spots of Y-0.03 MEA.

TEM pattern observations were carried out to further investigate the precipitates.
A micro-scaled precipitate was seen in the TEM bright-field image of Y-0.03, shown in
Figure 5a. The corresponding selected area electron diffraction (SAED) images for the
matrix, the precipitate and the Cr-rich organization are shown in Figure 5f-h, respectively.
The main diffraction spots along the [1 1 2] crystalline band axis (Figure 5f) confirmed
the FCC phase structure of the matrix. The main diffraction spots along the [0 0 1] zone
axis SAED of the matrix (Figure 5g) confirmed the BCC phase for Cr-rich organization,
while the SAED pattern of the precipitate taken along the [2 4 2 3] zone axis (Figure 5h)
confirmed the HCP phase for the precipitate. From the TEM-EDS images in Figure 5b—e, it
could be found that the precipitated HCP phase consisted of a large amount of Niand Y
elements, and a small amount of Co element. The Cr-rich organization of the BCC phase
structure was distributed at the edge of the HCP phase. In contrast, the Co, Cr, and Ni
elements were more uniformly distributed in the FCC phase matrix. Moreover, the lattice
constants of the three different phase structures were consistent with the PDF cards, and
the results of the TEM analysis of Y-0.03 MEA were also compatible with the XRD and BSE
analysis results, which further confirmed that CoCr; yNiYy MEAs are in FCC + BCC + HCP
triphasic structure, and the precipitates of two kinds are Cr-rich organization in BCC phase
structure and YNis in HCP phase structure, respectively.

3.2. Mechanical Properties at Room Temperature

Figure 6a shows the experimental result of the microhardness of CoCr; 7NiY, MEAs
at room temperature. Table 1 shows the increase in (compared to Y-0) and the averages
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of microhardness of CoCrj 7NiYy MEAs at room temperature. Compared with Y-0 MEA,
the microhardness of Y-0.01 and Y-0.02 MEAs increased slightly (less than 10.00%), the
microhardness of Y-0.03 and Y-0.04 MEAs was improved significantly (25-35%), while the
microhardness of Y-0.1 MEA increased to 342.358 HV (an increase up to 98.17%). As shown
in Figure 6a, the maximum, minimum and range values of the hardness data measured
for each alloy also maintained an increasing trend. Since the test sites of microhardness
were randomly selected, the hardness measured was relatively low when the test site was
on the FCC matrix and relatively high when the test site was on the HCP precipitate. The
maximum value of each set of data increased with the increase in Y content, indicating that
the increase in Y content raised the volume fraction of the HCP precipitated phases. In
this process, the range value of each dataset also increased with the increase in Y content,
indicating that the increase in hardness of the HCP precipitated phase is larger than that
of the FCC matrix hardness. The above results show that the increase in Y content would
increase the microhardness of CoCrj 7NiY significantly through solid solution strengthen-
ing and precipitation strengthening, and the contribution of precipitation strengthening to
hardness is higher than that of solid solution strengthening in this system. Therefore, we
believed that the improvement of the mechanical properties of CoCrj ;Ni HEA by adding
Y was mainly attributed to precipitation strengthening.
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Figure 6. (a) Microhardness obtained by Vickers hardness test, and (b) the compressive stress—strain
curves of CoCrl.7NiY, MEAs.

Table 1. The increase in (compared to Y-0) and the averages of microhardness of CoCr; 7NiYy MEAs
at room temperature.

Y-0 Y-0.01 Y-0.02 Y-0.03 Y-0.04 Y-0.1

Average
microhardness (HV) 172.75 17547 186.69 216.76 226.66 342.35

Rate of increase (%) - 1.57 8.07 2547 31.20 98.17

Figure 6b shows the compressive stress—strain curves of CoCr; 7NiY, MEAs at room
temperature. The measured yield strength, ultimate compressive strength and compression
are listed in Table 2. The compressive properties of CoCr; yNiYy MEAs at room temperature
were closely related to the amount of Y added, and their yield strength would increase
significantly with the increase in Y content. The yield strength of Y-0.01 MEA was increased
to 266 MPa, which was 12.71% higher than Y-0 MEA, while the plasticity of the alloys
deteriorated. The ultimate compressive strength was 1732 MPa, and the compression de-
creased to 47.5%. The yield strengths of Y-0.02, Y-0.03, Y-0.04, and Y-0.1 MEAs were further
improved with the increase in Y content. In particular, the yield strength of Y-0.1 MEA
was up to 851 MPa, which was 260.59% higher than Y-0 MEA. However, the ultimate
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compressive strength decreased to 1170 MPa, and the plasticity of this alloy decreased
much further, with the compression rate falling to 15.7%. From this, it can be seen that
with the increase in the amount of Y added, the yield strength increases, but the ultimate
yield strength decreases, especially for Y-0.1 MEAs. Moreover, with the increase in the
amount of Y added, the deformation of the sample after failure and cracking decreases
continuously after reaching the ultimate yield strength, indicating that the plasticity of the
alloy decreases with the increase in the amount of Y added.

Table 2. The measured yield strength, ultimate compressive strength, and compression of

CoCr; 7NiYy MEAs.
Yield Strength (MPa) UCS (MPa) Compression (%)
Y-0 236 - -
Y-0.01 266 1732 47.5
Y-0.02 307 1485 40.6
Y-0.03 398 1522 39.0
Y-0.04 455 1473 35.9
Y-0.1 851 1170 15.7

3.3. Strengthening Mechanism

Since the phase structure has an essential influence on the alloys, it is an important
characteristic that affects the microstructure and mechanical properties. Therefore, in this
section, the effects of the Y content variation on the mechanical properties of CoCry yNi
MEAs and the corresponding strengthening mechanism are illustrated by analyzing the
mechanism of phase structure formation of CoCr; 7NiYy MEAs.

Based on the measurement of the hardness of the matrix grains (Figure 6a), both
solid solution strengthening and grain boundary strengthening contributed sporadically to
the increase in hardness that resulted from the addition of Y to the alloy. It is clear from
Figure 6a that the presence of HCP precipitates, whose hardness was significantly higher
than that of the FCC matrix, contributed significantly to the hardening. A minor strength
improvement of Y-0.01 was seen in the compression test (Figure 6b) compared to the
CoCr; 7Ni MEA, but the alloy’s strength rose dramatically in the presence of precipitates.
Therefore, it was evident from both the hardness measurements and the compression
tests that precipitation had a significant role in the strengthening and hardening of our
system. However, an increase in the volume percent of the HCP phase would lead to a
decrease in ductility since the FCC matrix includes more slip systems than HCP precipitates.
Therefore, the increased Y content resulted in a significant increase in the strength of
CoCry 7NiYy MEAs, but simultaneously, it also led to a deterioration in the plasticity of
the alloys. The presence of deformation twins in Figure 3 does help to strengthen, but the
inclusion of Y has essentially little impact on the boundary fraction of deformation twins, it
should be highlighted. Therefore, we think that precipitation strengthening was mostly
responsible for the increase in the mechanical characteristics of CoCrl.7Ni HEA caused by
the addition of Y.

The relationship between the microhardness and yield strength of CoCry yNiY, MEAs
and the integral number of HCP precipitates are shown in Figure 7, and a good linear fit is
obtained. Compared to the study by Hong et al. [13], we added less Y content but obtained
better mechanical properties. Under the same Y content, the microhardness and yield
strength were almost twice that of them. Most importantly, we did not conduct subsequent
rolling and heat treatment.
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Figure 7. Microhardness (a) and yield strength (b) as functions of volume fraction of precipitates.

The fitting equation for the relationship between microhardness and volume fraction
of HCP precipitates is as follows:

HV = 172.7 + 64.8Vycp — 36V, +3VE2, — 027V op 1)

The fitting equation for the relationship between yield strength and HCP precipitation
phase volume fraction is as follows:

F = 236.2 +137.5V2p — 16.7Vycp — 3.4VE2, + 1.4V op )

where HV and F are microhardness and yield strength, respectively; Vycp is the volume
fraction of HCP precipitates.

From the above two equations, it can be seen that the relationship between microhard-
ness, yield strength, and volume fraction of HCP precipitates is positively correlated. The
addition of Y increases the content of volume fraction of HCP precipitates, thus increasing
microhardness and yield strength.

From the crystal structure and microstructure analysis in Section 3.1, it was clear
that the volume fraction of the BCC and HCP phase structures increased gradually with
the increase in Y content. For multi-component alloys, the Hume-Rothery law is usu-
ally used to analyze the mechanism of phase structure formation of the alloys [29-33].
And the main influencing factors include the valence electron concentration (VEC), mix-
ing enthalpy (AH,,;,), mixing entropy (AS,,;), melting point (T},), relative coefficient of
enthalpy—entropy ((2), atomic size difference (J), and Gibbs free energy (AG,;x). The
specific calculation method is shown in Equations (3)—(9).

n
VEC =Y ¢;(VEC); 6)
i=1
n=1 n i
AHpyiy = Y Y 4AH), cic; 4)
i=1 j=i+1
n
ASmix = —RZ ciln C; (5)
i=1
n
T = Zci(Tm)i (6)
i=1
TmASmix
Q= eom @)
|AHmix‘
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n ri 2
5= \/Zi_l ¢ (1 - 7) ®)
AGpiy = AH iy — TinASpix (9)

In the equation, ¢; represents the molar percentage of the ith element, (VEC); rep-
ij

mix
enthalpy of the ij two-element alloy system, ¢; and c¢; represent the molar percentages of

resents the number of valence electrons of the ith element, AH . represents the mixing
the ith and jth elements, R represents the gas constant (8.314 J/mol-K), (T}, ); represents the
melting point of the ith element, r represents the average atomic radius of the alloys, and #;
represents the atomic radius of the ith element. The relevant parameters of CoCry 7NiYy
MEAs (Table 3) were brought into Equations (3)—(8) to obtain the VEC, AH iy, ASix, T,
0, 6, and AG,,;, of CoCr; 7NiY,y MEAs in Table 4.

Table 3. Mixing enthalpies, AH (kJ/mol), for different binary components [34].

Element Co Cr Ni Y
(Atomic Radius (A), Melting Point (°C), Valence Electrons)
Co (1.26, 1495, 9) - —4 0 —-22
Cr (1.27, 1907, 6) - - -7 11
Ni (1.24, 1453, 10) - - - —32

Y (1.80, 1522, 3) - - - -

Table 4. The valence electron concentration (V EC), mixing enthalpy (AH,;,;), mixing entropy (AS,ix),
melting point (T};), relative coefficient of enthalpy—entropy ((2), atomic size difference (6), and Gibbs
free energy (AG,,;y) of CoCrl.7NiYx MEAs.

AHmix ASmix

(ima)  (imello O 51% VEC Tu(K)  AGpi
Y-0 —5.46 8.85 2709 0.98 789 167294 —14812
Y-0.01  —554 8.98 2713 2.43 788 167253 —15,028
Y-0.02  —5.61 9.08 2707 3.28 787 167213 —15,190
Y-0.03  —5.68 9.17 2698 3.95 785 167173 —15333
Y-004  —5.75 9.25 2687 450 784 167133 —15462
Y-0.1 —6.16 9.63 2609 6.87 776 166897  —16,077

According to the method proposed by Guo et al. [35] to forecast FCC and BCC phase
formation in HEAs by valence electron concentration (VEC), when VEC > 8§, only the
single FCC solid solution structure is formed in the alloys. When VEC < 6.87, only the
single BCC solid solution structure is formed in the alloys, and when 6.87 < VEC < 8, both
FCC solid solution structure and BCC solid solution structure will be present in the alloys.
From Table 4, it can be found that the VEC values of CoCry 7NiY, MEAs were all between
6.87 and 8, which was consistent with the coexistence of FCC and BCC phase structures.
Combined with the analysis results of SEM and TEM, it was further confirmed that both
FCC and BCC phase structures existed in CoCr; 7NiYy MEAs. And with the addition of
Y element, a three-phase structure of FCC, BCC, and HCP was formed in CoCr; 7NiYy
MEAs, further improving the mechanical properties, especially the microhardness and
yield strength of CoCr; 7NiY, MEAs.

As shown in Table 4, with the increase in Y content, the mixing enthalpy of the alloys
kept decreasing, while the mixing entropy kept increasing. The enthalpy—entropy ratio of
the alloys kept decreasing, while the atomic size difference kept increasing. In conjunction
with [36], a higher enthalpy—entropy ratio promotes the formation of solid solution, while
a lower enthalpy—entropy ratio facilitates the formation of intermetallic compounds, such
as YNis. The mixing enthalpy between the elements (Table 3) can also reflect the binding
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force between them to some extent [36]. In the Co-Cr-Ni-Y system, the mixing enthalpy
between Y and Ni (—32 kJ/mol) is the smallest. Therefore, it can be concluded that Y and
Ni are more likely to aggregate and form a Y-Ni enriched phase than other atoms. And
the lattice distortion in the alloys is more severe with the atomic size difference increasing.
Table 4 shows the Gibbs free energy change trends of CoCry 7NiY, MEAs. It decreases with
the increase in Y content, which indicates that the system becomes more and more stable
due to the addition of Y.

The above analysis shows that the increase in Y content would promote the enrich-
ment of Y and Ni, which led to the increasing volume fraction of YNi5 HCP precipitates.
According to the TEM-EDS patterns of Y-0.3 (Figure 5b—e), the HCP phase contains only a
small amount of Co in addition to Y and Ni. This indicated that YNi5 replaces the original
Cr position and thus promotes the enrichment of Cr to precipitate the BCC phase. Therefore,
the volume fraction of the BCC phase also increased with the increase in Y content.

Y has a certain degree of solid solution in CoCrNi MEAs, which means that Y elements
with a larger atomic radius (1.80 A) would displace Co, Cr, and Ni elements, resulting
in changes of lattice constants, which in turn causes lattice distortion and solid solution
strengthening. With the increase in Y content, the atomic size difference of the alloys was
increased, which led to the increasing lattice distortion effect of the matrix of the FCC
phase structure. Therefore, the alloys” matrix increased in hardness and strength under the
influence of solid solution strengthening and dispersion strengthening. With the increase in
Y content, the effects of solid solution strengthening and dispersion strengthening are more
significant; the minimum values of hardness measured by Y-0.03, Y-0.04, and Y-0.1 MEAs
showed a significant increase compared to Y-0 MEA (Figure 6a), which also indicated that
the solid solution strengthening and dispersion strengthening increases the hardness of
CoCr; 7NiYy MEAs matrix. However, the solid solution strengthening and dispersion
strengthening effects were smaller for small amounts of Y (Y-0.01 and Y-0.02 MEAS), which
is due to the fact that solid solution strengthening is not only related to lattice mismatch
but also parameters such as shear modulus mismatch [37,38]. And when the Y content is
low, the sediment content is also called high, and the dispersion strengthening effect is
not significant.

It can be found from Figure 2 that the number of precipitated object integrals in the
HCP and BCC phase structures increased with increasing Y content, which led to the
significant refinement of the grains of CoCr; 7NiY, MEAs. When plastic deformation
occurred in fine grains by external forces, it could be dispersed in more grains, and the
plastic deformation was more uniform than coarse grains, and the stress concentration was
more minor. Fine grains have more curved grain boundaries and larger surfaces, a feature
that is not conducive to continuous crack expansion. As a result, the strength of the alloys is
continuously increased by the effect of fine grain strengthening. In Figure 2, the Y-0.03 MEA
shows a significant grain refinement compared to Y-0.02 MEA, combined with the increase
in yield strength of Y-0.03 MEA compared to Y-0.02 MEA of up to 29.64% in Table 2. And
the ultimate compressive strength increased instead of decreasing, which indicates that the
fine grain strengthening contributed to the strength increase of CoCry yNiY, MEAs.

The addition of Y promoted the increase in the volume fraction of both precip-
itates; the interaction between precipitates and dislocations blocked the dislocation
motion and improved the deformation resistance of the alloys, so the strength and
hardness of the alloys increased significantly with the increase in the volume frac-
tion of precipitates. However, the plasticity of the alloys deteriorated continuously
with the increase in the volume fraction of precipitates because the slip system of the
HCP phase (one slip plane x three slip directions) is less than that of the FCC phase
(four slip planes x three slip directions). In Y-0.1 MEA, the precipitates were uniformly
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distributed in the matrix as fine diffuse particles (Figure 2f). Compared with Y-0 MEA, its
hardness increased up to 98.18%, and the yield strength increased up to 260.59%, indicating
that the precipitation strengthening contributed significantly to the hardness and strength
improvement of CoCry yNiYy MEAs. The range value of hardness measured in Figure 7
increased with the increase in Y content, indicating that the hardness enhancement rate of
the precipitated phase was much higher than that of the matrix, which also confirmed that
the contribution of precipitation strengthening to the hardness of CoCr; 7NiY, MEAs was
significantly higher than that of solid solution strengthening.

4. Conclusions

In this study, the effects of Y addition on microstructures and room temperature me-
chanical properties of CoCr; yNiY, MEAs were investigated, and the following conclusions
were summarized.

1.  Without the addition of Y, the Y-0 alloy matrix has an FCC phase structure. The
volume fraction of Cr-rich BCC precipitates was lower. The YNi5s HCP precipitate
formed in Y-0.01 MEA. The volume fraction of BCC and HCP phase precipitates
increased with Y content, which led to the precipitation and dispersion strengthening
of CoCry 7NiY, MEAs.

2. Most of the added Y elements were enriched with Ni to form HCP phase YNis
precipitates, and the remaining Y elements were solidly soluble in the FCC phase
matrix. As the relatively large atomic radius of Y element replaces the position of Co,
Cr and Ni elements in the matrix, lattice distortion is caused. At the same time, the
degree of lattice distortion increased with the increase in Y addition, resulting in solid
solution strengthening effect on CoCr; 7NiYy MEAs.

3. The addition of element Y significantly improved the strength and hardness of the
CoCr; 7NiYx MEAs, and the degree of improvement increased with the increase in Y
content, and the highest level of improvement is achieved when the Y content is 0.1.
The microhardness and yield strength of Y-0.1 MEA reached 342 HV and 851 MPa,
respectively; compared with Y-0 MEA, the increase reached 98.18% and 260.59%,
respectively. However, the plasticity of CoCr; 7yNiYy MEAs deteriorated due to the
less slip system of the HCP phase.
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Abstract

1Cr18Ni9Ti and Monel composite metal coatings with five different spraying distances were
prepared by arc spraying technology. The density, hardness, friction, and wear properties
and acid corrosion rate of the coatings with different spraying distances were studied by
X-ray diffraction, scanning electron microscopy, Rockwell hardness test, and friction and
wear test. Research shows that the spraying distance has a significant effect on the density,
hardness, porosity, friction, and wear properties and corrosion rate of the coating. When
the spraying distance is 250 mm, the coating has the maximum density and hardness,
the minimum porosity and corrosion rate, and the minimum friction coefficient and wear
volume. Cu3.8ni and cr0.19fe0.7ni0.11 compounds in the coating have significant effects on
the friction, wear, and hardness of the coating. The results show that too-high or too-low
spraying distance will lead to pores and large particle agglomeration in the coating, which
will affect the surface physical properties of the coating.

Keywords: arc spraying; coating; friction and wear; corrosion behavior

1. Introduction

The surface of steel structures is prone to corrosion during contact with acidic, alkaline,
and other liquid environments, leading to a decrease in material properties and significant
economic losses. Arc spraying technology has been widely recognized in fields such as
aerospace and petrochemicals [1-3] due to its advantages in corrosion resistance, long service
life, and low cost, and it has been applied to large-scale steel structure protection projects.

1Cr18Ni9Ti is an austenitic stainless steel with superior corrosion resistance, good
mechanical properties, and welding performance, especially in high-temperature and
corrosive environments [4,5]. However, under specific erosion and wear conditions, the
surface quality of 1Cr18Ni9Ti deteriorates, which can significantly reduce its service life [6].
It is particularly prone to galvanic corrosion in salt fog environments [7]. Monel alloy,
a nickel-based alloy containing copper, iron, and manganese, features a unique single-
phase austenitic structure that offers excellent resistance to high temperatures and highly
saline seawater environments [8-10]. Monel exhibits superior corrosion resistance in
alkaline solutions and dilute hydrochloric, sulfuric, and phosphoric acids [11]. However,
its high nickel content makes it relatively expensive [12]. The alloy’s exceptional corrosion

Crystals 2025, 15, 142 https://doi.org/10.3390/ cryst15020142
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resistance stems from its strong passivation ability, which can be compromised by improper
heat treatment. Therefore, precise control of heat treatment parameters is essential to
optimize performance [13]. Previous studies have shown that elements such as Cu, Cr, and
Fe play critical roles in influencing the microstructure, phase evolution, surface hardness,
friction, and wear properties of nickel-based alloy coatings [14-22]. Most current research
focuses on improving individual materials’ properties and processing techniques, such
as 1Cr18Ni9Ti and Monel alloy. Common approaches include heat treatment and surface
coating to enhance corrosion and wear resistance. However, there is little research on
developing composite coatings for these two materials using arc spraying technology.

In this study, the excellent physical properties of 1Cr18Ni9Ti are combined with the
corrosion resistance of Monel alloy. Arc spraying technology prepares a composite metal
coating on a 45# steel substrate. The performance of the composite coating is evaluated in
detail through density and hardness measurements, scanning electron microscopy (SEM),
friction wear testing, and acidic corrosion testing. This research aims to determine the
optimal spraying distance for heterogeneous dual-wire composite spraying of 1Cr18Ni9Ti
and Monel. The findings have significant potential to enhance steel structures’ service life
and reliability in complex environments.

2. Experimental Materials and Methods
2.1. Coating Preparation

The substrate material used in this experiment was 45# steel (Table 1), with dimensions
of 400 mm x 100 mm x 8 mm. The substrate material was cleaned with acetone to remove
surface oil stains and rust. Then, brown corundum particles were used for sandblasting to
ensure that the surface roughness of the substrate material reached Ra2.5 or above. This
step improves the bonding strength between the coating and the substrate material. After
sandblasting the substrate, arc spraying was performed. The equipment used was a QDS-
400 arc spraying machine produced by Shanghai Eurasia Spray Machinery Co., Ltd. and a
Yaskawa robot. As shown in Figure 1, the arc spraying machine allows the adjustment of
parameters such as wire feeding speed and spraying current. The wires used in the experi-
ment were 1Cr18Ni9Ti and Monel alloys, and their chemical compositions are shown in
Table 2. The diameter of both wires was 2.0 mm, the test filaments were sprayed according
to the ratio of 1:1, and the compressed air pressure for spraying was 0.65 MPa. The average
thickness of the sprayed coating is 1.5 mm, and the average thickness distribution of the
five sprayed distances is shown in Figure 2. Samples were prepared using the process
parameters in Table 3, with experiments conducted at five different spraying distances. The
distance between the nozzle of the arc spraying machine and the substrate surface was set
at 100 mm, 150 mm, 200 mm, 250 mm, and 300 mm. They were represented as H100, H150,
H200, H250, and H300, respectively, in the following figures. These distances were used to
explore the optimal spraying effect.

Table 1. Main chemical composition of 45# steel (wt.%).

454 Fe C Si Mn P S Cr Ni Others
>97 0.42-0.5 <0.35 0.5-0.8 <0.04 <0.05 <0.25 <0.25 <0.5
Table 2. Main Chemical Composition of the Two-Wire Materials (wt.%).
1CrISNI9Ti Cr Ni Mn Si P C S Ti Fe Others
18 9 2 1 0.035 0.12 0.03 0.6 68.415 0.8
Ni Cu Fe Mn C Al Si S Others
Monel
65 28 2.5 2 0.3 0.5 0.5 0.024 1.176
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Figure 1. Arc Spraying Equipment.
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Figure 2. Distribution diagram of average coating thickness for five spraying distances.

Table 3. Spraying Process Parameters.

Types of Silk Materials Wire Feeding Voltage/V Wire Feeding Current/A Spray Current/A Spray Voltage/V

1Cr18Ni9Ti, Monel 16 25 200 36

2.2. Coating Characterization Methods and Performance Testing

(1) Use the HandySCAN BLACK (CREAFORM INC., Lévis, QC, Canada) three-
dimensional scanner produced by the Quebec Provincial CREAFORM INC.to measure
the volume of the five samples, The three-dimensional data were processed using Geo-
magic Wrap software (version 2021.0.0.3008) to calculate the volume of the samples, the
scanned sample was weighed with a balance, and then the density of the sample was
calculated. The hardness of the five samples was measured using a Huayin HR-150A
(Laizhou, China) Rockwell hardness tester, with a load of 150 kg and a loading time of
15 s. Each sample was tested at six points, and the average value of the six test data
was obtained. The surface morphology of the samples was observed using a Hitachi
S-4800 (Tokyo, Japan) scanning electron microscope (SEM), and surface phase analysis
was also performed.

(2) Porosity calculation. After the process of inlaying, grinding, and polishing of
the spray-coated specimen section, the pictures were processed using Image-Pro Plus 6.0
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software. Five SEM pictures were randomly selected for analysis and converted into images
with large contrasting colours to ensure that the pore portion was displayed in red, and
then the percentage of the pore area to the whole field of view area was calculated, and the
average value was taken to obtain the porosity of different coatings.

(3) After polishing the sprayed coating samples, a PCM5100W metallurgical micro-
scope (Jinan, China) was used to inspect them. A UMT-5 multifunctional friction (Billerica,
MA, USA) wear tester, employing a reciprocating friction wear mode, was used to conduct
wear-resistance tests on the coatings. The friction counterpart was a GCr15 steel ball with
a diameter of 10 mm and a hardness of 62 HRC. The experimental load was 30 N, the
friction speed was 20 mm/s, and the testing time was 900 s. After the test, the friction
and wear properties of the coating were characterized and analyzed by friction coefficient,
three-dimensional morphology of wear marks, and wear rate. The wear rate is calculated

from (1):
\Y

~ DL

-m~1), Vis the wear volume (mm?), D is the sliding

W 1)

where W is the wear rate (mm? - n~!

stroke (m), and | is the load (N).

(4) Corrosion rate calculation. The corrosion rate was determined by calculating the
weight change of the specimen by immersing the coated specimen in a 5% sulfuric acid
solution for a test period of 10 h. After the static corrosion test, clean and dry the sample
and weigh it. The difference between the two masses is the mass loss caused by corrosion.
The corrosion rate is calculated as v = (W1 — W5)/St, where Wy is the mass of the sample
before the test (mg); W5 is the mass of the sample after the test (mg); S is the area of the
sample (cm?); and t is the test time (h).

(5) Acid invasion test. This test selected concentrated hydrochloric acid and concen-
trated nitric acid for the 3:1 ratio of acid solution, the use of cotton swabs dipped in the
solution to wipe the surface of the specimen, the corrosion time of 6 s. After acid etching,
the samples were washed with clean water, wiped with anhydrous ethanol, and dried
with cold air. Finally, the changes of surface morphology were observed by Hitachi s-4800
scanning electron microscope (SEM).

3. Results and Discussion
3.1. Sample Density

The density of the arc-sprayed coating samples varies compared to the density of
the original wire material. Coating density can reflect the compactness of the coating
to a certain extent. The higher the density, the more compact the coating and the lower
the porosity [23]. The variation in sample density with spraying distance is shown
in Figure 3. When the spraying distance is 100 mm, the sample density reaches the
minimum value of 6.1257 g/cm3. As the spraying distance increases, the sample density
gradually increases, reaching a maximum value of 6.4227 g/cm3 at a spraying distance
of 250 mm. After that, the density decreases gradually. When the distance between the
spray nozzle and the substrate surface is too close, the metal droplets are not sufficiently
atomized due to the effect of the high-speed airflow. Large metal droplets attach to
the substrate surface, leading to particle accumulation. Conversely, the metal droplets
are sufficiently atomized when the nozzle is too far from the substrate. However, they
experience a longer exposure time in the air, causing their temperature to drop and their
adhesion to weaken. This results in the formation of pores between the metal droplets,
reducing the density of the sprayed coating.
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Figure 3. Density Distribution Curve of Sprayed Coatings at Different Distances.

3.2. Coating Hardness

The surface hardness of the 1Cr18Ni9Ti and Monel alloy coating samples was tested,
and it was found that the average Rockwell hardness of the five sprayed samples ranged
from 26.13 to 36.45 HRC. Figure 4 shows the distribution of hardness values for the five
samples. The hardness distribution shows that the samples” average hardness values are
related to the spraying distance. When the spraying distance is 100 mm, the average
hardness is the lowest, at 26.13HRC. As the spraying distance increases, the hardness of the
sprayed coating gradually increases, reaching a maximum value of 36.45 HRC at a spraying
distance of 250 mm, after which the hardness gradually decreases. By comprehensively
analyzing the scatter distribution of hardness, the variation curve of average hardness
values, and the variation trend of density, it can be concluded that the spraying distance
significantly affects the formation of the sprayed coating. Whether the metal droplets are
tully atomized directly affects the formation of large particle agglomeration on the substrate
surface, creating uneven porosity within the sprayed coating and indirectly affecting the
coating’s hardness.
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Figure 4. Scatter Distribution of Hardness Values for Sprayed Coatings at Different Distances.
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3.3. Characterization of Coating Surface Morphology and Calculation of Porosity

The microstructure of the arc-sprayed coating samples was observed, as shown
in Figure 5a—e. The surface of the alloy coating is rough with obvious ups and downs.
The roughness of the five coating surfaces is different, and the roughness of the surface
in Figure 5d is more uniform than that of other coating surfaces. During arc spraying,
the wire melts due to short-circuit heating. The molten droplets are propelled onto the
substrate surface under the impact of high-speed airflow. The droplets rapidly spread out
and gradually deposit, forming flattened particles. These flattened particles overlap layer
by layer, forming a tight lamellar structure and particle accumulation. The flat particles are
stacked layer by layer and finally form a compact sheet structure and particle accumulation
structure, which are closely attached to the substrate surface and play a good shielding
role, as shown in Figure 5f.

Figure 5. Microstructure of Sprayed Coatings at Different Spraying Distances. (a—e) micromorphology
of the test surfaces at five spraying distances; (f) scanning photographs of the H150 cross-section.

Figure 6 is a scanning electron microscope photograph of the coating section when the
spraying distance is 100 mm and 250 mm. It can be seen that the coating presents a typical
compact layered structure, which is composed of flattened particles, oxides, and pores. The
reason for the layered structure is that the huge energy generated when the wires at both
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ends are short-circuited makes the wires melt and form droplets. The droplets are atomized
by high-pressure gas, and the small particles formed after instant atomization quickly hit
the substrate surface, spreading and solidifying to form a layered structure. The whole
section is mainly composed of oxides, large particle accumulation, etc. The existence of
oxide phase is caused by the inevitable contact reaction between part of the droplet surface
and oxygen in the atmosphere during the spraying process, and the oxide phase formed by
these reactions will affect the spreading of the droplet to a certain extent, and then affect
the continuity of the coating, forming pores or holes [24].

(b)

Figure 6. Scanning Electron Micrographs of Coating Cross-Sections. (a) Scanning photograph of
H100 cross-section; (b) Scanning photograph of H250 cross-section.

Different spraying distances form different pores. Spraying distance affects the molten
droplet particles in the air flight time and the molten droplet metal particles sprayed to the
substrate material in the process. The size of the spraying speed, temperature, and kinetic
energy, will affect the distribution of unmelted particles inside the coating, which in turn
will affect the porosity inside the coating. When the spraying distance is 100 mm, there is a
large particle agglomeration phenomenon and obvious porosity on the surface of the sprayed
coating. The reason for this is that the spraying distance is relatively close. The molten
metal droplets are not fully atomized under the action of high-speed airflow, and the coating
sprayed onto the surface of the substrate does not solidify in time, leading to the phenomenon
of hanging coating, which produces large particle agglomeration and porosity. When the
spraying distance is 250 mm, the surface of the sprayed coating shows a uniform lamellar
structure, with uniform particle size, analyzing the reason why the molten metal droplets can
be completely atomized under the action of high-speed airflow and spread completely on
the surface of the substrate to form uniform metal particles, reducing the generation of pores.
With the further increase of the spraying distance, the molten metal droplets are exposed in
the air for a longer period of time, the adhesion on the surface of the substrate decreases, the
spatial mesh structure forms, and the internal porosity of the coating is significantly increased.

By scanning the sections of sprayed coatings with different heights, five SEM images
were taken for each section. The coating sections were analyzed by Image Pro Plus 6.0
software, and the average value was calculated. The porosity distribution of coatings with
different spraying distances was obtained, as shown in Figure 7.
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Figure 7. Porosity Distribution.

3.4. Analysis of Coating Friction and Wear Behavior
3.4.1. Coating Friction Factor Analysis

UMT-5 Multifunctional Friction and Wear Tester calculates the coefficient of friction by
measuring the force generated during friction. The test is performed by sensor detection when
a specific load of 30N is applied to the test and the reciprocating friction speed is 20 mm/s.
During the friction test, the tester measures the friction force occurring between the contacting
surfaces, which allows the coefficient of friction to be measured directly by the built-in sensor. The
coefficient of friction () is the ratio between the friction force (Ff) and the perpendicular load (Fy),
where Ff is the measured friction force and F, is the normal force acting on the specimen surface.

As shown in Figure 8, a and b are the curves of the friction coefficient of the coating of the
arc-sprayed sample as a function of time. The polished sample surface is relatively smooth in
the initial friction stage, resulting in a low friction coefficient. As dry friction continues, the
friction coefficient rapidly increases due to the formation of wear particles and other substances
during the friction process. These particles create dents on the coating surface, increasing the
contact area between the wear ball and the coating. Over time, the wear particles gradually fill
in the dents, further increasing the surface friction coefficient. The friction coefficient is closely
related to the material’s physical properties. The lower the friction coefficient, the better the
material’s wear resistance. After 200 s, friction enters the steady wear stage, and the friction
coefficient remains relatively stable. Figure 6a shows the variation of the friction coefficient
during the testing process, while Figure 6b shows the variation in friction coefficients for
different spraying distances. When the spraying distance is 100 mm, the friction coefficient
reaches a maximum value of 0.7752. As the spraying distance increases, the friction coefficient
gradually decreases. It reaches a minimum of 0.6214 at 250 mm. After that, it rises again.
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Figure 8. Variation of Friction Coefficient with Time. (a) Five coating friction coefficient curve change
diagrams; (b) Average friction coefficient of five coatings.
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By comparing the sample density, average hardness, and friction coefficient values, it
was found that the trends in density and average hardness were similar. This phenomenon
is attributed to the influence of pore structure within the samples’ density and hardness.
However, the variation trend in the friction coefficient is opposite to that of density and
average hardness, indicating that the denser the coating, the higher its hardness, and the
lower its friction coefficient. Phase analysis results showed that when the spraying distance
was 250 mm, the friction coefficient of the sprayed coating was the lowest. The precipitation
of elemental Cu and Cu3.8Ni in the coating was vital in reducing the friction coefficient.

3.4.2. Analysis of Coating Wear Performance

Figure 9 shows the three-dimensional morphology of the abrasion marks of five spray
distance coatings after friction and wear tests. It can be seen that the shape of the abrasion
marks of the five coatings is close to one another, showing a large abrasion mark width and
abrasion mark depth. The wear interiors of the five coatings are not smooth, with many
obvious bumps and pits. Among them, A coating has the largest abrasion mark width and
depth, and exhibits the largest abrasion volume, the worst abrasion resistance, and the
worst structural integrity under friction load. D coating is analyzed in comparison with the
other coatings. It has a shallower depth of abrasion mark, the smallest width of abrasion
mark, the smallest abrasion volume, and the best structural integrity under friction load,
which reflects the good friction and abrasion resistance performance. The spraying distance
of 250 mm showed the best wear performance of the coating.
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Figure 9. 3D Morphology of Abrasion Marks of Coatings. (a) Spray distance 100 mm; (b) Spray
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distance 150 mm; (c) Spray distance 200 mm; (d) Spray distance 250 mm; (e) Spray distance 300 mm.

Figure 10 shows the wear rate of the five coatings. The total volume loss of the wear marks
of the coatings can be calculated by vision software. The average wear rates of the five coatings
are 1.73 x 107%,1.31 x 1073, 1.03 x 1073, 0.79 x 10"%,and 1.11 x 10 > mm® - N~ ! . m™ 1,
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respectively. Coating H100 has the highest wear rate and the worst wear resistance, while
coating H250 has the lowest wear rate and shows good wear resistance. According to the
previous comprehensive analysis of density, hardness, and porosity, the wear rate of the
coating is affected by density, hardness, and porosity.
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Figure 10. Wear Rate of Coating.

3.5. Coating Phase Analysis

The superposition of the scattering intensity of each atom forms the diffraction inten-
sity in XRD. For elements present in relatively low concentrations, only a small number of
atoms within each unit cell participate in forming the crystal structure, leading to weaker
diffraction peaks [25]. The composition of the 1Cr18Ni9Ti and Monel wires is relatively
complex, resulting in various compounds forming in the coating. In the phase analysis
of the coating, some phases with weak diffraction intensity were excluded. Qualitative
analysis of the phases in the sprayed coating was conducted using XRD. The five groups of
sprayed samples were prepared with the same wire material and identical spraying param-
eters, with only the spraying distance being adjusted. XRD analysis showed that the surface
composition of the sprayed samples was essentially the same, as shown in Figure 11.

The two spray wires contain higher concentrations of Fe and Ni. XRD spectrum
analysis revealed that Fe forms multiple compounds, including Fe;04, MnFeOy, and
Cr0.19Fe0.7Ni0.11. Ni is present in compounds such as Cu3.8Ni and Ni-Ti. Fe is chemically
active during spraying in the high-temperature molten state and effortlessly combines with
oxygen to form oxides. Ti has multiple crystal structures, including body-centered cubic,
hexagonal close-packed, and face-centered cubic structures. Ti strongly bonds with Ni, Cr,
and Fe, forming stable intermetallic compounds. These compounds have high melting
points and hardness, improving the physical properties of the alloy [26]. At around 882
°C, Ti’s body-centered cubic and hexagonal close-packed structures are relatively stable.
However, in the molten state at high temperatures, the stability of Ti’s crystal structure
decreases significantly, and it easily forms intermetallic compounds with various elements.
Ni-Ti compounds were observed in all coatings at diffraction angles of 50°, 62°, and 78°.
Although Ti content is relatively low in the spray wire materials, its strong bonding ability
with Ni in the molten state leads to the formation of Ni-Ti compounds, which exhibit high
diffraction peak intensity in the phase analysis.

When the diffraction angle was 43°, all five sprayed coatings showed double diffrac-
tion peaks. Especially at a spraying distance of 250 mm, clear double diffraction peaks
were formed. In the state of high-temperature melting, the metal grains undergo the cyclic
transformation process of remelting and recrystallization, which promotes the redistribu-
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tion and structural reorganization of elements. In this process, Cu reacts with Ni to form
Cu3.8Ni. The formation of Cu3.8Ni is closely related to the almost unlimited dissolution
characteristics of Cu in the grain. Cu can dissolve almost unlimitedly in the Ni lattice,
usually forming a face-centered cubic solid solution with Ni, indicating that Cu3.8Ni has a
face-centered cubic structure [27]. This stable alloy phase significantly improves the friction
performance of the material. During friction, copper tends to be evenly distributed and
slightly enriched in the grain boundary regions [28]. It helps to form a natural lubricating
film, effectively reducing the friction coefficient at the interface. Thus, Cu3.8Ni not only
plays a crucial role in improving the microstructure of the coating but also effectively
reduces the friction coefficient and wear rate. Cu3.8Ni enhances the wear resistance of
the coating.
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Figure 11. XRD Pattern of Sprayed Coatings. (a) Spray distance 100 mm; (b) Spray distance 150 mm;
(c) Spray distance 200 mm; (d) Spray distance 250 mm; (e) Spray distance 300 mm.
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At a diffraction angle of 74° the spraying distance was 250 mm and no double diffrac-
tion peaks were observed, but at other spraying distances, double diffraction peaks ap-
peared. Due to the similar atomic radii and electronegativity of Fe, Ni, and Cr [29], Fe
and Cr have relatively high solubility in Ni. These three elements’ physical properties and
interactions are crucial for forming specific solid solutions and compounds. Cr significantly
enhances the alloy’s corrosion resistance and thermal stability, Fe contributes to toughness,
and Ni provides good wettability and corrosion resistance. The interactions and equilib-
rium among these elements in the molten state determine the final phase structure and
distribution. During the spraying process, the short-circuiting of the metal wire generates
intense thermal energy, causing the metal droplets to melt rapidly and bond closely with
the substrate surface. The high Cr, Fe, and Ni concentrations in the spray wires diffuse,
dissolve, and recombine to form new alloy phases. The high-speed airflow facilitates rapid
cooling of the sprayed coating, promoting the formation of refined grains and reducing
phase segregation [30]. This promotes the generation of complex, wear-resistant phases. A
certain amount of Cr, Fe, and Ni compounds were detected in the XRD spectrum, form-
ing ¢r0.19fe0.7ni0.11 phase. [31]. The supersaturation and precipitation of Cr, Fe, and
Ni elements form this phase. Cr, Fe, and Ni atoms rearrange and crystallize in specific
proportions, forming a stable Cr0.19Fe0.7Ni0.11 solid solution structure. The presence of
Cr0.19Fe0.7Ni0.11 significantly increases the microhardness of the coating, which helps the
coating resist wear and effectively reduces wear volume.

3.6. Coating Acid Corrosion Resistance Test

Figure 12 shows the corrosion rate of arc-sprayed coatings at five different spraying
distances. The coatings were immersed in a 5% sulfuric acid solution. The main components
of these sprayed samples include Fe, Cu, and Ni alloys. According to the corrosion
performance tests of Ni-Cu alloys in air reported in the literature [32], nickel-copper alloys
exhibit the fastest corrosion rate in a 5% sulfuric acid solution. The surface of the coatings
primarily consists of Fe, Cu, and Ni compounds, and when reacting with 5% sulfuric acid,
the oxide phases on the surface react first. The sample with a spraying distance of 100 mm
had the fastest corrosion rate of 4.3787 mg-cm~2-h~!, while the sample with a spraying
distance of 250 mm had the slowest corrosion rate of 3.5229 mg-cm~2-h~1.
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Figure 12. Corrosion Rate of Sprayed Coatings.

The arc spraying process involves molten particles stacking through high-speed air-
flow to form the coating. During the stacking process, pores are on and within the coating,
reducing the coating’s wear and corrosion resistance [33]. SEM observations revealed the
presence of significant pores within the arc-sprayed coatings. These pores significantly
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reduce the density and hardness of the alloy. Furthermore, the presence of pores increases
the contact area between the sprayed surface and the acid solution, thereby accelerating
the corrosion rate of the coating.

Figure 13 shows the SEM analysis of the cross-sectional surface morphology of the
coating after acid etching. Significant pores, compounds, and large particle agglomeration
are visible in the images. At a spraying distance of 100 mm, the images show more internal
pores, and the accumulation of compounds and large particles is more pronounced and
scattered. As the spraying distance increases to 250 mm, the internal pores are significantly
reduced, the diameter of the large particles becomes smaller, and the distribution is more
uniform. The distribution of the compounds also appears more consistent.

Figure 13. Surface Morphology of Sprayed Coating After Acid Etching. (a) Spray distance 100 mm;
(b) Spray distance 150 mm; (c) Spray distance 200 mm; (d) Spray distance 250 mm; (e) Spray distance
300 mm.

4. Conclusions

This study used arc spraying technology to prepare 1Cr18Ni9Ti and Monel-sprayed
coatings on the surface of 45# steel. The density, hardness, surface microstructure, friction,
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wear behavior, and corrosion resistance of the coatings sprayed at five different distances
were investigated. The main conclusions are as follows:

1. The surface morphology of the sprayed coatings is relatively rough, with many pores
between the particles. In the phase analysis of the sprayed coatings, at a spraying
distance of 250 mm and a diffraction angle of 73°, a single Cr0.19Fe(.7Ni0.11 phase alloy
precipitated, which contributed to the increase in the microhardness of the coating.

2. From the friction and wear behavior analysis, the friction coefficient of the sprayed
coatings is closely related to the density and hardness of the coatings. When the
spraying distance was 100 mm, the friction coefficient reached its maximum value of
0.7752. As the spraying distance increased to 250 mm, the friction coefficient decreased
to a minimum of 0.6214. The variation curve of the friction coefficient is positively
correlated with density and hardness. At a diffraction angle of 43°, Cu and Cu3.8Ni
phases were observed, indicating that the composition of the coating plays an active
role in reducing the friction coefficient and inhibiting wear.

3. Inthe acidic corrosion test, at a spraying distance of 250 mm, the coating exhibited
the highest density of 6.4227 g/cm?, the highest Rockwell hardness of 31.3 HRC,
a porosity of 6.63%, a wear rate of 0.79 x 1073 mm>-N~1-m~!, the lowest friction
coefficient of 0.6214, and the lowest acidic corrosion rate of 3.5229 mg'cm’zh’l.
Coatings sprayed at other distances had more pores and lower compactness. This
reduced compactness increased the contact area between the acid and the coating,
accelerating the corrosion process.
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Abstract

Three lightweight aluminum-based complex concentrated alloys with chemical com-
positions that have not been previously studied were manufactured and studied:
A152Mg9,6Zn16Cu15_5816.9 w.t.% or Al63Mg132n8Cugsig a.t.% (alloy A), A144Mg182n19Cu19
w.t.% or AlssMgpsZnpCuyg a.t.% (alloy B), and AlyyMgy4Zn1oCug7Sigy; w.t.% or
Alsp 7Mgne 6205 6Cuy 6Sit0.4 a.t.% (alloy AM), with low densities of 3.15 g/ cm?, 3.18 g/ cm’
and 2.73 g/cm?, respectively. During alloy design, the CALPHAD method was used to
calculate a variety of phase diagrams for the various chemical compositions and to predict
possible phases that may form in the alloy. The CALPHAD methodology results showed
good agreement with the experimental results. The potential of the designed alloys to be
used in some industrial applications was examined by manufacturing them using standard
industrial techniques, something that is a rarity in this field. The alloys were produced
using an induction furnace and pour mold casting process, while industrial-grade raw
materials were utilized. Heat treatments with different soaking times were performed
in order to evaluate the possibility of improving the mechanical properties of the alloys.
Alloys A and AM were characterized by a multiphase microstructure with a dendritic
FCC-AI matrix phase and various secondary phases (Q-AlCuMgSi, Al,Cu and Mg,Si),
while alloy B consisted of a parent phase T-Mg3,(Al,Zn)49 and the secondary phases «-Al
and Mg,Si. The microstructure of the cast alloys did not appear to be affected by the
heat treatments compared to the corresponding as-cast specimens. However, alterations
were observed in terms of the elemental composition of the phases in alloy A. In order to
investigate and evaluate the mechanical properties of the as-cast and heat-treated alloys,
hardness testing along with electrical conductivity measurements were conducted at room
temperature. Among the as-cast samples, alloy AM had the highest hardness (246 HV,),
while among the heat-treated ones, alloy A showed the highest value (256 HV,). The
electrical conductivity of all the alloys increased after the heat treatment, with the highest
increase occurring during the first 4 h of the heat treatment.

Keywords: complex concentrated alloys; aluminum-based alloys; lightweight high-entropy
alloys; CALPHAD; mechanical properties; heat treatment; application-based design
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1. Introduction

In the automotive industry, reducing the vehicle’s weight is the primary goal in order
to lower fuel consumption and CO, emissions. Aluminum, with its low specific weight
and excellent mechanical properties, plays a key role in achieving this objective [1]. An
average car (1300-1400 kg) contains approximately 180 kg of aluminum, of which, 65%
(117 kg) is cast aluminum—about 10% of the vehicle’s total weight [2,3]. Notably, reducing
a vehicle’s weight by 1 kg can prevent 20 kg of CO, emissions over its lifecycle [4].

The key cast aluminum components include cylinder heads, engine blocks, pistons,
brake calipers, rims, and crankcases. Pistons, subjected to high mechanical and thermal
loads, require alloys with high strength, hardness, and thermal stability [5]. Cylinder
heads and engine blocks prioritize strength, thermal conductivity, and recyclability, with
recycled aluminum gaining importance over primary aluminum as a raw material [5].
Common alloys such as AICusMgSi (A206), AlSijoMg (A360), and AlSigCus (A380) are
widely used, though the adoption of cast aluminum in automotive applications is expected
to decline [2]. Therefore, continuous research is being carried out to develop novel low-
density alloys, which will have the required properties at a reasonable cost in order to
replace Al cast components.

Aluminum alloys are essential in internal combustion engine (ICE) applications, where
they must exhibit high strength, fatigue resistance, and thermal stability [6]. While tra-
ditional Al-Si alloys have dominated due to their casting properties and mechanical per-
formance [6], sustainability goals have prompted exploration of complex concentrated
alloys (CCAs). These CCAs can incorporate recycled aluminum scrap with a high alloying
element content, transforming post-consumer waste into valuable raw materials. This
approach conserves natural resources, while reducing energy consumption and the carbon
footprint of aluminum production. The innovative use of “dirty” alloys, as highlighted by
Raabe et al., enables the development of advanced aluminum alloys that meet stringent
mechanical requirements while promoting a circular economy by leveraging sustainable
raw materials [7].

In this direction, along with the CCAs, the Lightweight High-Entropy Alloys
(LWHEAS) could offer an alternative. In general, High-Entropy Alloys (HEAs) consti-
tute a relatively new field of research that is trying to subvert and revitalize the materials
science sector’s way of thinking about alloying design strategies. Lightweight High En-
tropy Alloys (LWHEAs) are defined as alloys with a density less than or equal to that
of commerecial titanium alloys (4.51 g/cm3) [8]. In other publications, alloys with a den-
sity lower than the density of an alloy used for a particular application are considered
LWHEAs [9].

By definition, HEAs or equiatomic multicomponent alloys are composed of at least
five metallic elements in equimolar or near-equimolar ratios [10]. Yeh et al. proposed
a classification of the alloys based on their configurational entropy (ASconf). The alloys
were classified as HEAs if their ASconf in a random state is greater than 1.5 R (R being
the gas constant); as Medium-Entropy Alloys (MEAs) when the value of their ASconf is in
the range of 1R-1.5 R; and finally, traditional alloys are classified as Low-Entropy Alloys,
with a ASconf less than 1R. The concept of HEAs was initially based on the theory that
an increase in the number of alloying elements would result in an increase in the ASconf
of such systems and it would promote solid-solution (SS) structures, such as FCC and
BCC structures [10]. However, now that this field is more scientifically mature, this effect
is not considered to be as great as was initially believed [11], since the addition of more
components has been proven to lead to the formation of second phases [12]. Therefore,
since the limitation of single-phase SS microstructures was surpassed, the term CCAs [8]
was introduced, which enables a greater degree of freedom in the design and development
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of novel compositions with a more complex microstructure, which could provide broader
potential comparing to HEAs. Multiphase HEAs, known as CCAs [13], are now mainly
composed of two or more phases, sharing similar core effects with HEAs and are a unique
subject of research [14]. High-Entropy Aluminum Alloys (HEAIs), a promising derivative
of HEAs, were recently introduced by Asadikiya et al. as a novel category of aluminum
alloys [15]. Although, their entropy is lower than that of traditional HEAs, HEAIs still take
advantage of it to achieve enhanced properties [16]. The formation of intermetallics (ICs) in
HEAIs is inevitable due to the high negative enthalpy of mixing (AHmix) between Al and
most of the commonly employed alloying elements [4]. As a result, HEAls generally feature
multiphase microstructures with x-Al solid-solution phases reinforced by multicomponent
ICs. Mundrha et al. proposed this novel approach as robust design direction to create
high-performance Al alloys strengthened with multicomponent ICs [9].

HEAs, MEAs, and CCAs are usually manufactured using expensive high-purity raw
materials and vacuum arc melting and vacuum induction melting techniques, in an Ar
or N, protective atmosphere, and cast in water-cooled copper molds [15]. However, in
order to scale up the production of these alloys, a more industrially applicable approach
is necessary [9,16]. In the industry, instead of high-purity raw materials, industrial-grade
raw materials are used, making the large-scale production of metals sustainable [14,17].
Thus, the concept of a circular economy is capitalized on and added value is created for
lower-purity materials [18-20]. The aim of the current project was to design alloys using
standard industrial techniques and economically viable raw materials.

Barnett et al. introduced a scrap-tolerant alloying concept based on HEAs, highlighting
compositional flexibility as a pathway to create value from waste alloys [18]. HEAIs are
promising for high-wear, high-temperature applications, and as candidate materials for
circular product design. Their multicomponent, multiphase compositions also render them
suitable for manufacturing using recycled scrap materials.

There have been several studies of promising Lightweight HEAs (LWHEAs) using Al
as the principal element. Lei Shao et al. developed a series of low-density alloys with Al
and Mg as the main components, accounting for 90 at.% of the alloy, with the remaining
components consisting of Cu, Zn, and Si [21]. These alloys were prepared using pure raw
materials in an Ar protective atmosphere and they presented densities ranging from 2.64 to
2.75 g/cm? and compression strengths of up to 814 MPa. Their microstructure consisted of
various large intermetallic phases such as Mg,Si and Mg3z»(AlZn),9 within an aluminum
matrix. Using the same components, Sanchez et al, through Thermocalc software (TCAL5
database), designed two systems, AlgsCusMgsSij5ZnsXs and AlygCrsCusMgsSijpZnsXs,
where the elements Fe, Ni, Cr, Min, and Zr were introduced in place of X. The best results
were from the Al CrsCusMgsSijpZns at.% alloy, which consisted of Al,Cu, Mg,5i, and
Aly3Cr4Siy intermetallic phases in an aluminum matrix with compressive strength of
490 MPa, plastic deformation of 6%, and microhardness of 200HV( ;. The rest of the
alloys demonstrated slightly higher strengths and hardnesses, but the majority exhibited
embrittlement behaviors [13]. Following his original research, Sanchez designed a number
of LWHEAS by testing various combinations of compositions with the primary elements
Al, Mg, Cu, Zn, and Si and additional elements Ca, Ti, Sn, Mn, Ni, and Fe [8,22,23].
The results of his work revealed that with the HEA design strategy, hardness values
ranging from 437 HV to 916 HV with densities in the range of 3.15-5.10 g/cm? could be
achieved. In further continuation of this design strategy, Sanchez et al. designed two
scrap-tolerant LWHEAs, Alg;Cui9Mg10SijpZns and AlgyCusMgsSisZns at.%, with high
compressive strengths of 696 and 722 MPa, respectively, due to the formation of ICs [24]. In
an attempt to produce alloys with even lower densities, Tun et al. used Li in the composition
of their alloys. As a result, they successfully manufactured AlyyLijoMgi9CusZns and
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AlysLijgMgsCusZns a.t% systems, with densities of 2.76 g/cm? and 2.7 g/cm?, respectively.
The alloys were prepared using disintegrated melt deposition and ultra-pure raw materials
in a protective Ar atmosphere [25] [21]. In fact, the latter alloy, which presented the highest
compressive strength (533 MPa), was also examined for its anti-corrosion behavior, with
encouraging results [26]. However, Li is a scarce and expensive raw material. More
generally, the density found in the LWHEA literature varies between 2.67 g/cm? and
5.20 g/cm? [12]. The largest high-entropy alloy reported in the literature is approximately
10 kg with a density of 3.08 g/cm3 and it is the only Al-based CCA, which was prepared
by electromagnetic stirring casting. Using this method, a microhardness of 177 HV and
compressive strength of 554 MPa were achieved. The most important finding of this
work, however, was that the electromagnetic frequency influenced the morphology and
distribution of the Mg,Si phase, whose average particle size decreased from 40.0 to 17.7 mm.
The research on the Al-Mg-Zn-Cu-Si system is limited to few alloys [27]. Recently, Chaskis
et al. designed an AlssMgi8Zn1,CusSiy at.% (Alyy 4Mgi13Zn,3CugSig wt.%) alloy, which
displayed a multiphase microstructure consisting of an Al matrix reinforced with various
secondary phases, such as Mg,Si and MgZn;. In terms of mechanical properties, the
developed alloy exhibited a high hardness value of 249 Vickers and compressive strength
of 588 MPa. In this work, it was proven that, if the Mg,Si phase is present in large
amounts, it leads to embrittlement of the alloy [28,29]. Nonetheless, the importance of
controlling Mg,S5i- and Mg-bearing eutectic phases was underlined, since plasticity can be
compromised [30]. Therefore, a way to reduce the size and the percentage of this phase is
deemed important.

However, most studies on these alloys have focused solely on hardness and compres-
sive strength, with limited investigation into other mechanical properties. Additionally,
alloy designs often lack application-specific targets, complicating the assessment of their
potential to replace existing commercial materials. Moreover, the reliance on protective at-
mospheres and high-purity raw materials in HEA production significantly increases costs.

The motor contributes slightly to the overall vehicle weight, but sustainability de-
mands innovative solutions to repurpose cast aluminum alloys from machine parts and
utilize them as raw materials. These alloys, with their high alloying content, are unsuitable
for malleable products and require alternatives for use in next-generation internal com-
bustion engines (ICEs) or other cast aluminum components. For example, Tesla utilizes
two die-cast aluminum parts for the chassis of its models, highlighting opportunities for
aluminum-based CCAs in a circular product design approach.

To evaluate their industrial potential, the alloys in this study were manufactured
in a standard induction furnace without a protective atmosphere, using industrial pu-
rity raw materials from the Greek metallurgical industry. Developed for cast aluminum
automotive components, the alloys were compared with 3xx and 7xx series casting al-
loys since they combine elements from these groupings. This research aimed to develop
lightweight aluminum-based alloys in the Al-Mg-Cu-Zn-Si and Al-Mg-Cu-Zn systems
using an industry-relevant approach.

In this work, the term HEAs is used for single-phase alloys with a ASconf greater than
1.5 R. The term CCAs is used for multiphase alloys with a ASconf greater than 1.5 R. Finally,
MEAs have a ASconf that lies between 1 R and 1.5 R. Since MEAs can also be multiphase
alloys, in order to better describe the manufactured alloys under investigation, the term
CCAs was adopted. The developed alloys could offer a lightweight alternative to some
other aluminum alloys, while promoting a sustainable alloy design approach utilizing
raw materials commonly used in industry practices. Moreover, the compositional design
focuses on controlling the size and the percentage of specific phases found in earlier studies.
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This work provides valuable information for researchers aiming to design and produce
industry-like aluminum-based CCAs with an industrially relevant approach.

2. Materials and Methods

In this work, the Al-Mg-Cu-Zn-5Si and Al-Mg-Cu-Zn systems were selected for study.
Aluminum was chosen to be the main component of the alloy due to its low specific weight,
combined with its excellent mechanical properties and recyclability [1]. The remaining
components were selected based on certain criteria, such as

e  Widely available components in the Greek metallurgical industry.
e Does not significantly increase the specific weight of the alloy.
e  Provides positive properties to the alloy for its final application.

The components Mg, Zn, Cu, and Si satisfy most of the requirements and were there-
fore considered the most suitable. The design of the first system was based on the restriction
of the Mg,Si phase in a controlled quantity. Although this phase is known to enhance the
hardness of commercial aluminum alloys [31], when present in large amounts, it has been
proven to lead to embrittlement of the alloy [28,29] due to its high hardness in contrast to
the neighboring phases. It is also known that Al-Cu alloys exhibit deteriorated casting prop-
erties, which significantly limits the production of these alloys. Additionally, they do not
respond to aging heat treatments, preventing the achievement of higher levels of strength-
ening [30]. Thus, the chemical composition of the first alloy (alloy A—Alg3Mg13ZngCugSig
a.t.%) was chosen with the aim of having a very low percentage of the Mg,Si phase ac-
cording to the Thermocalc software’s calculations (TCAL? database). The design of the
second system (alloy B—Als5Mgp5Zn19Cuyg a.t.%) was based on the complete absence of
the Mg,Si phase, so that the properties of an Al-based HEA without its presence could be
examined. Finally, the purpose of the third alloy (alloy AM—Alsp 7Mgog 6Zn56Cug 6Sii 4
a.t.%) design was to test the limits of adding Mg to an HEA without ignition occurring in
the melt pool.

For the purpose of designing HEAs and CCAs, some thermo-physical parameters,
based on Hume-Rothery rules and thermodynamic parameters, were taken into ac-
count [32]. These criteria consist of parameters such as the enthalpy of mixing in the
liquid phase (AHmix), atomic size difference (r), Pauling electronegativity difference (Ay),
and () parameter. In the current study, the artificial neural network software pyMPEALab
Toolkit (Upadesh Subedi et al.) was used for the thermodynamic calculations, as a means
of calculating the thermo-physical parameters of the chosen alloys [33].

Thermocalc® software (Version 2022a, Thermo-Calc Software AB, Stockholm, Sweden)
in conjunction with the TCAL? [34] thermodynamic database was used to calculate a
variety of phase diagrams for various chemical compositions with the selected components
during the alloy development process. ThermoCalc® software utilizes the CALPHAD
(CALculation of PHAse Diagrams) method which has been extensively used in the predic-
tion of the thermodynamic equilibrium of multicomponent systems. In the CALPHAD
method, the thermodynamic equilibrium is predicted by minimizing the total AG for a cer-
tain temperature, pressure, and chemical composition. The TCAL? database is commonly
used for commercial Al alloys and according to previous works, the use of this database for
Al-based HEAs shows good agreement with experimental results [8,29]. This tool shows
the equilibrium phases as a function of temperature in order to provide an approximate
idea of the type of phases that would form in the selected alloy [35].

The experimental alloys were melted in an electrical resistance N 41/H Nabertherm
furnace under atmospheric conditions and casted into conventional cast iron ingot molds.
The raw materials used to produce the alloys consisted of master alloys of industrial purity
(such as AlgsCuss, AlsgSisg, and AlgsMgs, supporting the approach of scrap-based alloy
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design), sheets of pure zinc, and tablets of cast bars of pure magnesium. These master
alloys are commercially available and their physical characteristics are listed in Table 1.
To prevent the oxidation of the elements, casting flux was used to protect the melt pool
surface and prior to casting the molten metal, it was skimmed (after each of the alloying
additions, the melt was thoroughly stirred with a graphite rod to ensure a homogenous
melt without disturbing the metal/flux interface). The ingot was manufactured using a
typical furnace pour mold casting method similar to industry practices.

Table 1. Physical information about the utilized alloying elements and master alloys [29,36—45].

Crystal Lattice

Alloyin; Meltin Boilin . . Atomic Radius Electronegativit
Elen}llenft; Temperatur§ Q) Temperaturgé (W] Density (g/cm) CType/Lattlce (pm) (PaulinggScale)y
onstant (nm)
Al 660.3 2450 2.70 FCC/0.4 143 1.61
Mg 650.0 1005 1.74 HCP/0.32 141 1.31
Cu 1085.0 2570 8.96 FCC/0.36 128 1.90
Zn 419.5 907 7.13 HCP/0.1 122 1.65
Si 1410.0 3280 2.33 FCC/0.543 111 1.90

For alloys A and AM, master alloys Al65Cu35, Al505i50 and A195.5Mg4.5 were added
to a steel mold, which was placed in the furnace at 1100 °C. After melting, a bath base at
800 °C was guaranteed. Subsequently, Mg and Zn were added to the molten pool and
soaked for 1 h. The reason the direct addition of magnesium and zinc was avoided is
because they have a boiling point lower than the initial bath temperature and they would
volatilize (see Table 1). Finally, the melt was cooled down to 700 °C and manually poured
into a steel mold (pouring temperature of melting: +50 °C superheat).

For alloy B, master alloys Al65Cu35 and Al95.5Mg4.5 were added to the mold together
with the pieces of pure magnesium and Zn sheets and placed in the furnace at 700 °C. After
melting, the melt was manually poured into a steel mold. For all 3 alloys, before casting,
the melt was stirred for at least for 15 min in order to achieve a fully homogenous bath.

Ingots with dimensions of 35 mm x 35 mm x 40 mm were obtained for each alloy,
as shown below (Figure 1). Following this, the microstructures of the as-cast and heat-
treated alloys at room temperature were studied to evaluate the suitability and behavior
of the developed CCAs. The alloys” density was determined experimentally using the
Archimedes Principle [46].

The X-ray diffraction (XRD) equipment used to characterize the crystal structures of
the alloys was a Phillips Xpert diffractometer with a long fine focus copper anode X-ray
source and the diffraction diagrams were measured at a diffraction angle of 26, in the range
from 10° to 110°, with a step size of 0.02°/sec.

Samples were sectioned from the center of the ingot, parallel to the casting direction.
Metallographic preparation of the samples was conducted with the appropriate techniques
and microscopic observation was performed on as-polished condition, without prior
etching using a Nikon Epiphot 300 inverted metallographic microscope.

Specimens AH4, BH4, and AMH4 underwent a solid-solution heat treatment at 400 °C
for 4 h, followed by water cooling, while AH24, BH24, and AMH?24 were subjected to a
heat treatment at 400 °C for 24 h, followed again by water cooling, with the purpose of
examining the effect of soaking time. For the heat treatment of the samples, an N 60/85HA
Nabertherm furnace was used.

The different regions, the average overall chemical composition of each sample and of
the phases in it were investigated using a JEOL JSM-IT800 scanning electron microscope
(SEM) equipped with an energy-dispersive X-ray spectrometer (EDS).

A Vickers hardness Duramin-40 M1 model (Struers, Copenhagen, Denmark) measurer
was employed on the polished sample surface using a 4 kg load, which was applied for
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10 s. At least 10 random individual measurements were made for each test. At least five
specimens were recorded to ensure repeatability. To measure the electrical conductivity,
a SIGMATEST D-2.068 (FOERSTER Instruments Inc., Pittsburgh, PA, USA) device was
utilized and at least 5 random individual measurements were made for each specimen.

Figure 1. Specimens before and after sectioning (1 box is equal to 1ecm): (a,b) as-cast sample A,
(c,d) as-cast sample B, (e, f) as-cast sample AM, (g,h) heat-treated sample A, (i) heat-treated sample B,
and (j) heat-treated sample AM.

3. Results
3.1. Thermo-Physical Parameters for Phase Formation in HEAs/CCAs

After the preliminary study of the thermo-physical parameters for phase for-
mation in the HEAs and of various equilibrium phase diagrams for the different
chemical compositions, the systems that were finally selected were the following:
A152Mg9‘6Zn16Cu15.5Si6.9 w.t.% or A163Mg13ZH8CU8Sig a.t.% (alloy A), A144Mg1821‘119CU19
w.t.% or A155Mg25Zn10Cu10 a.t.% (alloy B), and Al47Mg21.4Zn12Cu9.7Sig.7 w.t.% or
A152.7Mg26,62n5.6Cu4,65110.4 a.t.% (alloy AM) (Table 2).

Table 2. Chemical compositions of alloys in wt.% and at.% in this work.

Alloy Al Cu Mg Si Zn Al Cu Mg Si Zn
(w.t.%) (w.t.%) (w.t.%) (w.t.%) (w.t.%) (a.t.%) (a.t.%) (a.t.%) (a.t.%) (a.t.%)
A 52 155 9.6 6.9 16 63 8 13 8 8
B 44 19 18 - 19 55 10 25 - 10
AM 47 9.7 21.4 9.7 12 52.7 4.6 26.6 10.4 5.6

In Table 3, the calculated thermo-physical parameters of the defined systems are
summarized. The AHmix of this system was in the range of —8 to —1 kJ/mole, which
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is outside the limits required for the formation of SS structures [23]. Additional criteria
related to the formation of SS structures in alloys containing low-density elements are
5 values below 4.5%, a Ax equal or below 0.175, and an () higher than 10 [23,47]. It is
expected that multiphase alloys were obtained regardless of the ASmix value, since the
AHmix i-j between Al and other elements is highly negative [12]. Thus, based the alloy
design approach of other studies [13,23,29,48-50], the parameters were kept as close as
possible to the threshold parameters for SS formation, in order to restrain the formation of
excessive amounts of ICs. Following the standard classification of HEAs, all three alloys
were categorized as Medium-Entropy Alloys. Nonetheless, maximizing the ASmix was
not necessary in the developed alloys. In contrast to the main goal of classic HEA design
approaches, which is to promote the formation of SS phases, in this study, the formation
of multiphase microstructures was promoted to enhance the mechanical properties of the
aluminum alloys. To obtain a microstructure composed of a mix of SS structures and
ICs, the AHmix was kept between —8 k] /mol and —4 k] /mol, avoiding excessively high
negative values. A decrease in the Al content and absence of Si increased the value of
AHmix, whereas increases in the Mg and Si contents further decreased the value of AHmix.
The increased & in all three alloys highlights the tendency to form intermetallics. On the
other hand, in alloy A, the Ax value indicates that SS structures can be formed, but it
is well known that satisfying only one parameter does not promote the formation of SS
structures [51,52]. The calculated () parameters (ratio between the AHmix and the ASmix
in the liquid state of the alloy) were very far away from the literature’s proposed value
of () > ~10 for the formation of SS structures in low-density multiprincipal-component
alloys [48]. A higher Q) is related to a lower tendency to form complex phases in Al-
based multicomponent alloys [53]. In contrast, the () value in all three alloys indicated
a tendency of promoting intermetallics according to the threshold value proposed for
traditional HEAs [12]. Lastly, the Ay was within the recommended values (under 0.175) for
forming SS structures in HEAs for alloys A and B and above that limit for alloy AM [12].
Therefore, mixed microstructures consisting of SS structures and ICs were expected to
form based on the known thermo-physical parameters. This was found to be consistent
with the CALPHAD calculations for these alloys. The theoretical density of the alloys was
calculated using the rule of mixtures.

Table 3. Thermo-physical parameters and the theoretical density of the developed alloys.

AHmix o ASmix Ptheoretical
Alloy (kJ/mol) 5 (%) (J/K/mol) o Ax VEC Tm (19 (g/cm®)
A —5.63 7.64 9.66 (1.16R) 1.73 0.16 431 1006.5 3.15
B ~176 6.57 9.44 (1.14R) 5.09 0.17 445 948.8 3.18
AM —7.04 9.03 1021 (1.22R) 147 0.19 3.71 1014.4 2.73

In these systems, a microstructure consisting mainly of an Al-based face-centered
cubic (FCC) matrix phase along with other intermetallic compounds was expected to be
stable at room temperature.

3.2. CALPHAD Methodology and Equilibrium Phase Diagrams

The equilibrium phase diagrams of the developed alloys are shown in Figure 2. Alloy
A was expected to be composed of a mixture of five different phases at equilibrium, namely
Al,Cu, « (Al-FCC), C14_Laves (MgZny), Q (Al4CuyMggSiy), and V (AlICuMgZn), while
alloy B was expected to be composed of just three phases, namely « (Al), C14_Laves
(MgZn;), and kot T (Al,MgsZn3 or Mgs(AlZn)yg). As for alloy AM, it was expected to
consist of Al,Cu, « (AlI-FCC), C14_Laves (MgZn;), Mg,Si, and T (Mgs,(Al,Zn)49).
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namic stability for the various phases. The red circle represents the heat-treatment temperature and
the blue circle the room temperature.

A brief description of the aforementioned phases is provided below. The 6 (Al,Cu)
phase is widely known to enhance the strength of Al-Cu alloys after aging [54] and to
form during solidification as well along the grain boundaries in the form of veins or
skeletal shapes and after metallic mold casting, they can only be revealed after detailed and
meticulous microanalysis [30]. Precipitation of the Q-Al;Cu,MgsgSiy phase (also known
as the Al;Cup;MggSig or AlsCuy;MgoSiy phase) in Al-Cu-Mg-Si quaternary alloys has been
demonstrated to improve creep resistance and tensile strength, both at room temperature
and at higher temperatures [55]. It was reported that the addition of copper, even with
impurities, will promote the formation of the Q phase, which appears as inclusions with
sharp and irregularly shaped edges [30]. The C_14 Laves (MgZny) phase is the most
commonly encountered intermetallic phase in all HEAs [56]. It plays an important role in
the excellent mechanical properties of the precipitation-hardenable 7xxx series [57]. The
Mg,Si phase, as mentioned previously, is a desirable phase in various Al-based alloys to
improve the mechanical properties through the formation of intermetallic compounds. It is
usually found in plate shapes [58], as octahedron [59] or truncated octahedron blocks [60],
and as nano-particles [57]. Finally, the S (Al,CuMg) and T (Mgs,(Al,Zn)9 or Al,MgsZn3)
phases in the 7XXX series are responsible for the increased hardness after aging [61]. The

S (Al,CuMg) phase has been reported to provide a strong increase in the hardness of
mold-casted alloys [30].
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In Table 4, the volume fraction of the formed phases was estimated for the thermody-
namic equilibrium conditions.

Table 4. Volume fraction of phases in the developed alloys at room temperature.

Alloy FCC_A1 Q_AlICuMgSi  Al2Cu_C16 v C14_Laves Mg2Si T
A 45 30 14 6 5 - -

B 22 - - - 17 - 61

AM 39 - 17 - 10 38 16

3.3. Microstructural Characterization
3.3.1. Microstructural Characterization of As-Cast Alloys

By studying the as-cast sample A, its dendritic morphology and intense porosity was
distinguished (Figure 3), which was more obvious in the upper part of the ingot (part that
was in contact with the atmospheric air). Nevertheless, the existence of minor shrinkage
porosity did not influence the outcome of the present study, since it can be easily addressed
at the industrial scale.

Figure 3. Optical micrographs of specimen A at (a) center of the middle part of the ingot and (b) edge
of the middle part of the ingot. A, B, C, D.

The microstructure of the alloy revealed four distinct phases: a white-colored dendritic
phase, which is probably the aluminum base phase (A), a dark grey phase (B), a light grey
phase (C), and large dark intermetallic phases (D).

The microstructure of alloy B revealed a dendritic morphology and shrinkage porosity,
mainly in the upper part of the cast (Figure 4). At low magnification, it was easy to
distinguish two phases: a polygonal phase (A) and a eutectic structure. The eutectic
structure consisted of a light-colored dendritic phase (B) and phase (A). The thickness of
the B phase was greater than that of A, but the B phase was present in a smaller volume
fraction in the microstructure. At higher magnification, a dark angular phase (C) and gray
dendritic phase were evident.

An interesting observation was that the A phases appeared to be larger in the center
of the ingot than at the edge. This phenomenon can be attributed to temperature gradients
and the cooling rate. At the edge of the mold, the cooling rate is faster than in the center;
thus, there is limited time for the phases to grow.

Similar to all the previous castings, alloy AM was characterized by a noticeable
dendritic morphology and porosity (greater in the upper part of the ingot) (Figure 5).
The microstructure of this alloy revealed three distinct phases: a white-colored dendritic
phase, which is probably the aluminum base phase (A); a large dark angular phase (B);
and a eutectic structure. At higher magnification, it can be seen that the eutectic structure
consisted of small dendrites of phase (A) and a small ecru phase, designated as (C). It is
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worth mentioning that the dark phases (B) were slightly larger in the center of the ingot
than at the edge.

lJ a muml.

25pum

Figure 4. Optical micrographs of specimen B at (a) edge of the bottom of the ingot and (b,c) center of

the bottom of the ingot.
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Figure 5. Optical micrographs of specimen AM from (a) center of the upper part of the ingot and
(b,c) edge of the upper part of the ingot.

In all the heat-treated samples (A4, A24, B4, B24, AM4 and AM24), no substantial
structure alteration was perceived compared to the corresponding as-cast specimens. Hence,
the same main phases as the as-cast samples were identified.

The overall composition of the alloys was estimated using scanning electron mi-
croscopy (S.E.M.) and energy-dispersive X-ray spectrometry (E.D.S.) on large areas. At least
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three random measurements were made, and the overall values are presented in Table 5.
The obtained results showed good approximations to the target compositions of the alloys
(Table 2). Any deviations could be attributed to (i) partial oxidation of the components
during the melting due to the absence of a protective atmosphere and (ii) E.D.S. analyses
only providing semi-quantitative information. Therefore, the manufacturing process that
was followed, in order to achieve the target compositions, was considered successful.

Table 5. Indicative chemical composition in wt.% and at.% of the manufactured alloys obtained
by EDS.

Alloy

Al Cu Mg Si Zn Al Cu Mg Si

(w.t.%) (w.t.%) (w.t.%) (w.t.%) (w.t.%) (a.t.%) (a.t.%) (a.t.%) (a.t.%)

Zn
(a.t.%)

A
B
AM

51.2 11.8 12.4 10.6 13.4 59.8 5.8 16 11.9
49 15.5 16.4 - 18.6 60.2 8.1 224 -
51.6 9.5 19.3 8.3 114 57.5 45 249 8.8

6.4
9.4
52

Table 6 summarizes the phases in alloy A and their chemical compositions, as mea-
sured by the EDS analyses. For alloy A, the EDS analysis at spot 1 indicated that this
phase is a primary Mg,Si intermetallic compound. Based on the analysis of spot 2, the
light white phase in Figure 6 is an Al,Cu phase. Both phases were in good agreement with
the Thermocalc predictions at room temperature (RT). The analysis of spot 3 verified the
formation of an Al-rich solid-solution matrix with a small amount of Zn. It is interesting to
note that there was very good agreement between the composition of this phase and the
Al-FCC phase predicted by Thermocalc near the solidus temperature of the alloy, although
the composition of the AI-FCC phase at room temperature was significantly different from
the one predicted by the EDS analysis. The composition was predicted by Thermocalc
under thermodynamic equilibrium conditions, whereas in reality, the cooling rates were
faster. This phenomenon needs further investigation and it is worth studying whether it
appears in the remaining phases. The analysis of spot 4 showed that this phase consisted of
all the components in similar quantities. The composition of this phase was consistent with
what Thermocalc predicted as the Q-AlyCu,;MggSi; phase at room temperature and near
the solidus temperature. Finally, the analysis performed on spot 5 detected a high content
of Fe (11 w.t.%). As can be seen, the main impurity was Fe, which is commonly found in
secondary aluminum alloys [62]. The presence of Fe was probably due to impurities, which
were included in the industrial purity raw materials. This phase was not predicted during
the alloy design and it an AlFeSi-type phase, which is well known in 3xx series alloys with
a low Mg content such as AlsFeSi [30]. It is known that all industrial aluminum alloys
contain iron-bearing constituents. Such iron-bearing phases tend to not undergo significant
changes during heat treatments prior to quenching [30].

Table 6. Elemental composition of the manufactured alloy in sample A obtained by EDS.

Element

Spot 1 Spot 1 Spot 2 Spot 2 Spot 3 Spot 3 Spot 4 Spot 4 Spot 5
(w.t.%) (a.t.%) (W.t.%) (a.t.%) (w.t.%) (a.t.%) (w.t.%) (a.t.%) (W.t.%)

Spot 5
(a.t.%)

Al
Mg
Cu
/n
Si
Fe

1.0 1.0 454 64.8 81.0 89.4 18.0 22.0 72.3
52.7 56.9 1.3 2.1 1.6 2.0 241 32.6 0.3
0.7 0.3 489 29.7 3.5 1.6 21.2 11.7 0
1.4 0.6 3.3 1.9 12.8 5.8 14.1 7.1 0
442 41.3 1.1 1.5 1.1 1.2 22.7 26.6 16.2
- - - - - - - - 11.1

77.2
0.3
0
0
16.7
57
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Figure 6. FESEM backscatter electron microstructure with EDS analysis of selected phases in
specimen A.

Qualitative elemental mapping was conducted using EDS to identify the distribution
of elements in the observed regions (Figure 7). For a better understanding of the maps,
oxygen was ignored due to its insignificant amount in the composition of the alloys. The
microstructure showed a matrix composed of an Al-rich area. This region corresponded to
the phase predicted by Thermocalc as AI-FCC. The elements Mg and Si were located in
the same areas and in places where the Mg,5i phases were found. Si, however, appeared
to be found in small amounts in other areas of the cast, possibly in phase C. Finally, Cu
appeared to be located in places where the light gray phase B appeared in the OM, which
was designated as Al,Cu, while Zn was dispersed throughout the ingot.

Figure 7. EDS map of specimen A.

Regarding alloy B, the EDS analysis at area 1 showed that this phase consisted of all
the components that constitute the alloy in relatively equal amounts (Figure 8). Table 7
summarizes the phases in alloy B and their chemical compositions, as measured by the
EDS analyses. The composition of this phase was highly consistent with that of the phase
calculated by Thermocalc near the solidus temperature and reported as the T-Mgs(Al,Zn)49
phase. However, the composition calculated by the software at room temperature deviated
significantly from the point analysis results. This phenomenon was also observed in the
Al-FCC phase of alloy A. The analysis of spot 1 found that it was enriched in Mg and Si.
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For alloy B, silicon was not included in the alloy design and it may have derived from the
industrial-grade raw materials. It appears that its minimal presence in the melt led to the
formation of several Mg,Si phases, much smaller in size than those in alloy A. As for spot
2, it corresponded to an Al-rich phase. This phase is the Al-FCC phase since the AI-FCC
composition predicted by Thermocalc near the solidus temperature was predominantly
in agreement with that of the spot analysis. In the OM, this phase was visualized as a
white color and was designated as phase B (Figure 4). The analysis carried out in the
neighboring phase of « (Al-FCC) in the eutectic area showed a composition close to that of
the Q-Al;Cu;MggSiy phase. However, due to the relatively small lamellae of the eutectic
phase, which were less than 0.5 um, the measured phase was probably influenced by
the neighboring phase so the displayed percentages may deviate from the actual values.
Neither the C14 Laves (MgZn;) phase that was predicted at room temperature or the S
phase near the solidus temperature were observed.

BTSN N 3 et
R 744 ?if

N B EDS Spot3
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- 1

Figure 8. FESEM backscatter electron microstructure with EDS analysis of selected phases in
specimen B.

Table 7. Elemental composition of the manufactured alloy in sample B obtained by EDS.

Element Areal Areal Spot1 Spot1 Spot 2 Spot 2 Area 2 Area 2 Spot 3 Spot 3
(w.t.%) (a.t.%) (W.t.%) (a.t.%) (w.t.%) (a.t.%) (w.t.%) (a.t.%) (w.t.%) (a.t.%)
Al 30.3 404 2.0 2.0 87.3 90.4 54.4 64.7 36.4 46.4
Mg 22.3 33.0 43.4 47.7 5.8 6.7 15.3 20.2 22.4 31.7
Cu 234 13.3 1.4 0.6 2.0 0.9 12.9 6.5 14.8 8.0
Zn 24.0 13.3 1.8 0.8 49 2.1 17.5 8.6 26.4 13.9
Si - 51.4 49.0 - - - - - -

Qualitative elemental mapping was conducted using EDS to identify the distribution
of elements in the observed regions (Figure 9). It can be seen that Al was mainly distributed
in the B phases, identified as « (AlI-FCC) in the EDS analysis, and there was a stronger
enrichment in the T phase’s grain boundaries. Mg seemed to be more concentrated in the
places where there was a presence of Si, which was probably trapped in the melt from the
industrial purity raw materials and lead to the formation of Mg,Si phases. As for Cu and
Zn, there seems to be a greater concentration of them in the T phase, but in general, they
were distributed throughout the cast.
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Figure 9. EDS map of specimen B.

For alloy AM, Table 8 summarizes the phases and their chemical compositions, as
measured by the EDS analyses. The analysis at spot 1 (EDS Spot 1) proved that the dark
angular phases were Mg,S5i phases, as they were overwhelmingly composed of Mg and Si
as shown in Figure 10. This confirmed that this was an Mg,Si phase. An expected alteration
resulting from the further addition of Mg to the composition of alloy A was the formation
of more Mg,Si phases, which were much bigger and angular than those in alloy A. The
results from the analysis at spot 2 revealed that the dendrites of phase A were an Al-FCC
phase since its composition was in close agreement with that predicted by Thermocalc as
an Al-FCC phase near the solidus temperature of the alloy. The analysis at spot 3 indicated
that this phase, located in the grain boundaries of the AI-FCC dendrites, showed very high
percentages of Al and Cu and a small percentage of Zn. This composition is consistent
with the phase predicted by Thermocalc at room temperature as Al,Cu, though it was
not detected during the OM observations. Finally, the EDS analysis in the eutectic area
(Selected Area 1) where phases A (FCC) and B alternated showed a high percentage of
Al and a significant proportion of Cu, Zn, and Mg. The identification of the B phase was
difficult due to its very small size (less than 0.5 pm) and therefore the analysis was probably
influenced by the neighboring Al-FCC phase. It is not clear whether the phase identified as
Al,Cu, based on the analysis of spot 3, corresponded to the B phases alternating with the
Al-FCC phases. However, it can be assumed that it was a phase of the T-Mgs,(Al,Zn)49 or
Q-Al;CuyMggSiy form, in which all the components that constitute the alloy were present.

Table 8. Elemental composition of the manufactured alloy in sample AM obtained by EDS.

Element Areal Areal Spot1 Spot1 Spot 2 Spot 2 Spot 3 Spot 3
(W.t.%) (a.t.%) (W.t.%) (a.t.%) (w.t.%) (a.t.%) (W.t.%) (a.t.%)
Al 50.0 63.7 0.9 0.9 86.2 91.0 47.2 2.5
Mg 10.5 14.9 61.0 64.9 3.6 43 1.6 66.4
Cu 18.0 9.8 0.5 0.2 2.3 1.1 47.5 28.4
Zn 20.9 11.0 0.9 0.3 73 3.2 3.1 1.8
Si 0.6 0.7 36.7 32.7 0.5 0.5 0.7 0.9

By studying the qualitative elemental map from the EDS analysis in Figure 11, it can be
seen that Al was mainly found in the large dendrites of the A phase, identified as Al-FCC,
and to a lesser extent in the smaller dendrites throughout the cast. The elements Mg and Si
were located in the same areas where the presence of Mg,Si phases was evident. Zn and
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Cu appeared to be uniformly distributed throughout the ingot, in places far from the Mg,Si
and Al-FCC phases.

Figure 10. FESEM backscatter electron microstructure with EDS analysis of selected phases in
specimen AM.

Figure 11. EDS map of specimen AM.

3.3.2. Microstructural Characterization of Heat-Treated Alloys

Despite the fact that no morphological changes were observed after the heat treatments
in alloy A, there were changes in the compositions of its phases, according to the spot
analyses which are summarized in Table 9. In particular, the AI-FCC phase displayed a
significant decrease in Al (10%), while it was significantly enriched in Zn (13%) as shown
in Figure 12. Comparing the spot analysis of the Q phase in the as-cast and the heat-treated
samples, a major reduction in Zn (by 11%) was observed. Therefore, it can be assumed that
this is where the enrichment of Zn in the Al-FCC phase was derived from. There was also
a small drop in the percentages of Al and Cu (2% and 3%, respectively), while significant
increases in Mg and Si (8% each) were observed. Mg and Si probably diffused into the
Q phase from the interface of the Mg,Si phases or from the Mg,Si into the matrix phase
and then to the Q phase, as observed by the small reduction (2%) in these percentages
(EDS Spot 1). Nonetheless, distortions in the analysis from the neighboring phases should
always be taken into consideration. As for the Al,Cu phase (EDS Spot 3), its composition
remained stable after the heat treatment. Regarding the remaining heat-treated samples
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(B4, B24, AM4, and AM24), no alterations in the compositions of their phases were noted in
comparison with the corresponding as-cast specimens.

Table 9. Elemental composition of the manufactured alloy in heat-treated sample A4 obtained
by EDS.

Element Spot1 Spot 1 Spot 2 Spot 2 Spot 3 Spot 3 Spot 4 Spot 4
(w.t.%) (a.t.%) (w.t.%) (a.t.%) (w.t.%) (a.t.%) (w.t.%) (a.t.%)
Al 0.9 0.8 16.0 17.7 47.7 67.3 69.5 83.6
Mg 50.5 54.6 32.7 40.1 0.8 1.3 1.0 1.4
Cu 0.6 0.2 17.7 8.3 47.6 28.5 3.3 1.7
Zn 1.3 0.5 3.1 1.4 2.9 1.7 25.5 12.6
Si 46.8 43.8 30.5 324 0.9 1.2 0.6 0.8

Figure 12. FESEM backscatter electron microstructure with EDS analysis of selected phases in
heat-treated specimen A4.

3.4. X-Ray Diffraction Analysis

In addition, diffraction analysis was used to evaluate the produced alloys in order to
verify the phases that were identified. In Figure 13, the XRD analysis results for samples A,
B, and AM are presented.

In alloy A, the parent Al-base phase with an FCC structure can be observed. Moreover,
the intermetallic phases of Mg,Si (FCC), Al,Cu (Tetragonal), and Al; gCuMgy 15i3 3 (Hexag-
onal), which is the stoichiometric equivalent of the Al;Cuy;MggSiz—Q phase, were noted.
The AlgFepgsMny 1651 (Hexagonal) is the phase that appeared due to the impurities in-
cluded in the industrial purity raw materials. As for alloy B, the primary Mgz;(Al,Zn)o_ T
phase (Bergman Cubic) was recognized. Additionally, the Al-base phase (FCC) and Mg,Si
phase (FCC) were observed. For alloy AM, the XRD analysis identified the Al-base ma-
trix phase (FCC), along with various intermetallic phases, such as Mg,Si (FCC), Al,Cu
(Tetragonal), Al; 9CuMgy 1Si3 3—Q (Hexagonal) and MgZn; (Hexagonal) phases. Thanks
to the XRD analysis, it was obvious that the eutectic lamellae that were not identified in the
EDS analysis was the Q phase. Thus, the XRD analysis confirmed the results from the EDS
analyses and all the phases were accurately identified.

Regarding the heat-treated samples, only alloy B showed alterations. It was interesting
to note that, in the case of the heat-treated B4 alloy, the XRD analysis identified a MgZn,
phase. This could mean that this phase precipitated following the thermal treatment at the
nanometer scale. It would be intriguing to use TEM to verify this hypothesis.
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Figure 13. X-ray diffraction patterns of (a) specimen A, (b) specimen AM, (c) specimen B, and
(d) heat-treated specimen B4.

3.5. Mechanical and Physical Properties

The hardness of the as-cast and heat-treated alloys at room temperature is shown in
Figure 14. Additionally, a hardness/density ratio diagram is presented, with the purpose of
evaluating their performance in relation to that of commercial aluminum alloys (Figure 15).

The hardness of the as-cast and heat-treated alloys was measured at room temperature
and the results are shown in Table 10. In addition, the hardness to density ratio is depicted
as well.

Table 10. Average hardness values of as-cast and heat-treated samples of manufactured alloys.

Specimen Hardness (HV4) Density (g/cm?) Specific Hardness

A 236 3.15 74.9
A4 256 3.15 81.3
A24 241 3.15 76.5

B 245 3.18 77

B4 245 3.18 77
B24 251 3.18 78.9
AM 246 2.73 90.1
AM4 229 2.73 83.9
AM24 219 2.73 80.2

According to hardness measurements, alloy AM had the highest hardness (246 HV,)
among the as-cast samples, while from the heat-treated ones, alloy A showed the highest
value (256 HV,). In alloy A, the hardness increased by 8.5% in the first 4 h of the heat
treatment, followed by a 6% decrease. In alloy B, the hardness remained constant in the
first 4 h of the heat treatment, followed by a small increase (2.5%), while in alloy AM, a
reduction of 7% in hardness was observed after 4 h of soaking, followed by a reduction
of 4% after 24 h of soaking in the furnace. However, comparing the hardness to density
ratios, alloy AM showed the highest value both in the as-cast and heat-treated samples.
The increase in hardness after the heat treatment for alloys A and B indicates that the
most prominent strengthening mechanism was precipitation hardening due to the natural
aging effect, while in the case of alloy AM, the decrease in hardness indicates that the main
strengthening mechanism was probably solid-solution hardening.
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Figure 14. Hardness values of as-cast and heat-treated samples of manufactured alloys.
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Figure 15. Hardness/density ratio values of as-cast and heat-treated samples of manufactured alloys.

Furthermore, electrical conductivity measurements were conducted in order to es-
timate the amount of alloying elements that were trapped in the solid solution and dif-
fused/precipitated during the heat treatment stage, as shown in Figure 16. It is evident
that after the heat treatment, the electrical conductivity of all the alloys increased, with
the highest percentage increase occurring in the first 4 h of the heat treatment. Alloy A
presented the highest conductivity values in both conditions (as-cast and heat-treated).
Alloy B showed the lowest values, although after a 4 h heat treatment, it demonstrated the
largest percentage increase (36%) compared to alloys A and AM, with percentage increases
of 7% and 13%, respectively. The fact that the electrical conductivity increased in all three
alloys after the heat treatment indicates that the alloying elements diffused from the solid
solution, which were trapped during casting and solidification due to the limited time
for diffusion, as described as the sluggish diffusion principle that defines HEAs. More
importantly, since the greatest percentage increase in conductivity occurred in the first 4 h
of the heat treatment, it demonstrates that for sufficient precipitation of the components
trapped in the solid solution, 4 h of heat treatment is adequate.
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Figure 16. Conductivity measurements of as-cast and heat-treated specimens.

4. Discussion
4.1. Better Understanding of Al-Based CCA Phase Diagrams Calculated by Thermocalc

The order in which the phases solidified in each of the manufactured alloys will be
mentioned bellow, since these were the phases that appeared in the final microstructure
at RT.

Based on the phase diagram corresponding to alloy A, when reducing the temperature
in the melt, the first phase formed was Mg,Si at about 610 °C. As the temperature decreased
to 480 °C, the AI-FCC, Q (Al4CuyMggSiy), Al,Cu, and V (AICuMgZn) phases began to
nucleate until the melt completely solidified at 380 °C. The only phase that was not present
in the final microstructure of the alloy was the V phase.

For alloy B, by studying its phase diagram, it was clear that the first phases formed
were T (Mgsz(Al,Zn)49) and S (Al,CuMg) at about 520 °C. At 480 °C, the eutectic reaction
of L = AI-FCC + T (Mg32(Al,Zn),9) was taking place until the melt completely solidified. It
should be noted that the S phase was not observed in the final microstructure.

Finally, in alloy AM, at around 700 °C, Mg;Si started forming. As the temperature
decreased to 550 °C, Al-FCC (pro-eutectic) began to nucleate, while below 40 °C, the
eutectic reaction L = AI-FCC + Q (Al;Cuy;MggSiy) started taking place until the melt
completely solidified. The solidification process was completed before the C14 Laves
(MgZny) and V (AlICuMgZn) phases started to nucleate, since they were not observed in
the final microstructure.

This new knowledge and better interpretation of the Al-based CCA phase diagrams
will help future research to be more accurate in predicting the final microstructure and
consequently will considerably improve CALPHAD alloy design strategies.

4.2. Alloy Design Outcome

The design strategy for alloy A was based on the restriction of the Mg,Si phase to
a controlled quantity. Nevertheless, this phase formed to a large extent. Thanks to a
better understanding of the phase diagrams due to this research, it was concluded that
it is challenging to limit this phase to a controlled quantity, since, according to the phase
diagrams (Figure 2), the Mg,Si phase was the first to form and it was found that it remained
stable until room temperature was reached.
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Therefore, one approach to reduce the percentage of this phase, as demonstrated in
the case of alloy B, is to minimize the percentage of Si. However, it was found that even the
minimum amount of Si led to a few small-sized Mg,Si phases with a particularly angular
morphology, the edges of which may generate crack initiation points and thus make the
material brittle [29]. Such an approach did not result in the expected improvement in
mechanical properties and brittleness. Another intriguing design direction would be to
add an appropriate modifier to the melt in order to convert the angular morphology of the
brittle Mg,Si phases into a more spherical one [28]. Lastly, the addition of industrial grain
refining, e.g., Ti-B, could be considered as an alternative to controlling the brittle Mg,Si
phases. As for alloy AM, it was successfully designed with a major Mg addition, without
ignition occurring in the melt pool, and thus a lightweight HEA with a very low density of
2.73 g/cm? was produced. Nonetheless, Mg,Si is an intermetallic compound, which results
in high-hardness alloys and since it has a high melting point, its formation has potential in
automotive components where thermal loads are a challenge.

It is important to highlight that the presence of impurities is very likely to lead to
the appearance of unexpected phases, which are not predicted by Thermocalc. Therefore,
any research intended to produce industry-like Al-based CCAs with a more industrially
applicable approach should expect that the utilization of industrial-grade raw materials will
create unanticipated phases, which must be taken into account during the alloying design.

For thermal stability, composition design should incorporate an element that will
provide coherent precipitates that do not dissolve or coarsen at the operating temperature,
e.g., something like Al3X where X = Sc, Zr, Ti, V, etc.

It is evident that the proposed alloys showed high hardness—density ratios, specifically
when compared to other cast aluminum alloys, as shown in Figure 17. These results
are very promising, since the newly manufactured alloys have been shown to be an
appealing alternative for applications where commercial cast aluminum alloys are used,
since the hardness-to-density ratios are higher. Furthermore, this new system can be
directly compared with some major LWHEAs from the literature. From an economic point
of view, taking into consideration production and cost limitations, all three alloys offer a
friendly alternative since they were manufactured with industrial purity raw materials
using a common furnace. Although there is still a lot of room for exploration in the field of
CCAs, the microstructures and the superior strength-to-density ratios of the investigated
alloys in combination with the manufacturing method that focuses on industrial practices
can broaden the horizon for various applications in the structural, automotive and energy
industries. The assessment of particular properties based on the exact needs can confirm
the suitability of alloys for each specific application.
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Figure 17. Comparative diagram of compressive strength hardnesses and density ratios from current
study and of various alloys found in commercial applications and in the literature [13,24,29,63-65].
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5. Conclusions

In this work, three new lightweight aluminum-based CCAs were successfully
produced using an industrially relevant approach: Als;Mgg ¢Zn1Cuy55Si69 W.t.% or
A163Mg132n8Cu8818 a.t.% (alloy A), A144Mg182n19Cu19 w.t.% or A155Mg25Zn10Cu10 a.t.%
(alloy B), and A147Mg21.4Zn12Cu9,7Si9,7 w.t.% or A152.7Mg26.6Zn5.6cu4.6SilO.4 a.t.% (alloy
AM), with low densities of 3.15 g/cm?, 3.18 g/cm?, and 2.73 g/cm?3, respectively. They
were manufactured using industrial-grade raw materials, a standard furnace, and a pour
mold casting process.

e  The Thermocalc software predictions showed good agreement with the experimental
results as it successfully predicted the majority of phases that appeared in the alloys.
Therefore, Thermocalc can be a useful tool to guide alloy design.

e  During the alloy design process, the presence of impurities in industrial-grade raw
materials should be taken into consideration since it could lead to the formation of
unforeseen phases, though such phases do not undermine the alloy’s properties.

e Alloy AM had the highest hardness (246 HV4) from among the as-cast samples, while
from the heat-treated ones, alloy A showed the highest value (256 HV4). By comparing
the hardness/density ratios of the alloys of this work with other alloys in the HEA
literature and commercial cast Al alloys that are used for automotive pistons, it was
evident that they could offer alternatives with a high hardness strength for automotive
Al cast pistons.

e  Heat treatment was found to induce alterations in the elemental composition of the
constitutional phases along with changes in hardness. It was found that natural aging
can be used in these alloys to improve their hardness. Alloy A underwent an 8%
increase in hardness.
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Abstract: The big advantage of refractory high entropy alloys (RHEAS) is their strength at high
temperatures, but their big disadvantage is their brittleness at room temperature, which prevents
their machining. There is a great need to classify the alloys in terms of brittle-ductile (B-D) properties,
with easily obtainable ductility indices (DIs) ready to help design these refractory alloys. Usually,
the DIs are checked by representing them as a function of fraction strain, €. The critical values of DI
and ¢ divide the DI—e area into four squares. In the case of a successful DI, the points representing
the alloys are located in the two diagonal opposite squares, well separating the alloys with (B-D)
properties. However, due to the scatter of the data, the B-D separation is not perfect, and it is difficult
to establish the critical value of DI. In this paper, we solve this problem by replacing the fracture
strain parameter with new DIs that scale with the old DIs. These new DIs are based on the force
constant and amplitude of thermal vibration around the Debye temperature. All of them are easily
available and can be calculated from tabulated data.

Keywords: ductility; elastic anisotropy; Pugh and Cauchy criteria; refractory high entropy alloys

1. Introduction

The enlarged compositional freedom afforded by the extended solid solution structure
of refractory high-entropy alloys (RHEAs), based on the nine early transition elements,
Ti, Zr, Hf, V, Nb, Ta, Cr, Mo, and W), opens up the possibility for the design of alloys for
different applications. However, casting the RHEAs for high strength at high temperature
applications reveals again the age-old problem of metallurgy, namely, the higher the
strength, the lower the ductility and malleability [1,2].

The strength—ductility trade-off is represented as a hyperboloid function relation-
ship [3] of the two parameters: the higher the strength, the lower the ductility. After stress,
the ductility can be characterized by the following measurable parameters: elongation at
break (e (%)), reduction in cross-sectional area at break, energy absorbed up to break, and
strain hardening exponent (n) determined from the true stress—strain diagram. Elongation
to fracture seems to be the easiest to apply in practice, but since the majority of the samples
in the literature have been tested for compression rather than tension, it is better to discuss
the fracture strain to characterize the degree of deformation until fracture. This, however,
is very contingent in terms of its extent, so it is only a qualitative characteristic, and it was
necessary to find its quantitative substitute in this work.

Predicting the ductility or brittle behavior before stress can be conducted with the duc-
tility index based on the existing and newly invented criteria. These criteria are connected
to the strengthening mechanism of the RHEAs. When looking for ductile behavior, one has
to avoid the strengthening mechanisms, which are as follows:
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Grain refinement: Smaller grains mean more grain boundary, that is, more disconti-
nuities in the path of dislocations, that is, less ductility. The increase in strength can be
expressed by the Hall-Petch relation [4], which expresses the increase in yield stress (oy)
due to the decrease in grain size (d):

k
O'y:(To‘i‘W (1)

where 0, is the yield stress for large grains and k is a constant.

Strain hardening, which happens during the plastic deformation when the continuous
increase in dislocation densities (p) causes the increase in stress (0y) necessary to move the
dislocations. This mechanism [5] is described by:

G-b

where G is the shear modulus, b is the Burger’s vector, and o, is the yield stress for the
sample state before plastic deformation.

Solid solution strengthening [6] originates from the interaction of the dislocations with
the stress field of the solute atoms, which increases together with the increasing atomic size
difference (8R), and depends on the nature of the solute atom: the small interstitials (B, C,
and N) produce tensile stress, whereas the large substitutional solutes produce compressive
stress around them.

Precipitation hardening stems from the interaction of the stress field of dislocation
with the large elastic distortion around the coherent precipitate particles. This elastic
distortion is missing around incoherently precipitated particles, and will not contribute to
the hardening (it is just a neutral inclusion).

Dispersion hardening happens when fine precipitate particles (a second phase such as
oxides, borides, carbides, nitrides) extend all over the sample, and the increase in the yield
stress originates [7] from the stress necessary to move a dislocation of length ¢ (equal to the
mean spacing between the particles) pinned at both ends with Burger’s vectors of b, in a
matrix with shear modulus G:

G-b

Phase transformation strengthening happens when the phase born in transformation
has lower symmetry then the original matrix, like the hardening caused by austenite—
martensite transformation in ball bearing steels, or FCC-BCC and FCC-B2 transformation
in FCC Cantor HEAs alloyed with Al [8].

Based on this strengthening mechanism, one can make predictions concerning the
strength of the alloy, but no clear predictive correlations have yet been established between
the increase in strength and decrease in ductility for a particular alloy composition. For
example, we cannot handle the strength—ductility trade-off in the case of the best refractory
alloys with the highest yield stress and brittle at room temperature, presenting a ductile
elongation as law as 4% [9]. It is annoying that when we are in the midst of such great
discoveries in nuclear physics and space exploration, we cannot reconcile an everyday
phenomenon such as tensile strength with the formability of the sample, so the millennia-
old task remains of how to make the material tough while preserving the great tensile
strength. At the moment, we can only make suggestions about the presence or absence of
ductility. For example, how to transform the so called Senkov alloys, NbTaMoW (yield
stress, YS = 1000 MPa) and MoWNDbTaV (YS = 1250 MPa), with a law elongation strain
(<5%) into a more malleable alloy at room temperature, thus preserving the excellent tensile
stress values [10].
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2. Review of the Most Relevant Ductility Criteria

The Pugh criterion [11] is based on the model that the yield stress (a measure of the
resistance to plastic deformation) scales with the shear modulus, whereas the fracture stress
scales with the bulk modulus. A ductile behavior is expected when the ratio of shear and
bulk moduli is G/B < 0.575, above this value, brittle behavior is predicted. This prediction
is based on two elastic moduli, however, this is not always possible. For example, the
elastic moduli (E,G,B) of the elements Zn and Zr did not differ too much, although they
behaved differently in a visible way under stress or bending.

The Pettifor criterion [12] is based on the Cauchy pressure: C” = C1p — Cyy. The
positive value of C” corresponds to the isotropic metallic bond, which characterizes an
intrinsically ductile material. Materials with negative Cauchy pressure possess, at least
partially, direction (covalent) bonding and are intrinsically brittle.

The Rice and Thomson criterion [13] is where the model predicts an approximate
condition for sharp cleavage cracks (i.e., brittle behavior):

Gb/vys >7.5-10 4)

where vys is the surface energy, G is the shear modulus, and b is the Burgers vector.

It is worth mentioning that for iron, the Gb/ys~7.5-8. This value is at the limit of
ductile behavior. This means that the ductile-to-brittle transition temperature of iron is not
much below room temperature [14].

The Rice criterion [15] is the plasticity resulting from the competition between disloca-
tion emissions and cleavage fracture propagation. This competition can be expressed [16,17]
as a ratio of the critical stress intensities responsible for the dislocation emission (K1e) and
cleavage (K1c), respectively:

D =Kle/Klc (5)

The parameter D can be used as ductility meters. Intrinsically ductile behavior is
expected when the stress intensity necessary for dislocation emission is smaller than the
cleavage stress D < 1. The ratio of critical stresses can only be obtained by ab initio
calculations. For example, when conducting density-functional theory simulations [18] to
investigate the competition between cleavage decohesion and dislocation emissions from
the crack tip, it turned out that the dislocation plasticity was found to be unfavorable for
five representant compositions of refractory RHEAs: HfNbTiZr, MoNbTaVW, MoNbTaV,
MoNDbTiV, and NbTiVZr, which are all brittle at room temperature.

Theoretically, it is important that the ratio of critical stress intensities can be re-
placed [19] by the surface energy (vg,,) of cleavage and the energy of the unstable stacking
fault, yys, [19]:

D = ysurf/yusf (6)

The higher the ratio ysu.t/vust, the higher the fracture deformation, ¢ (the ductility is
improved).

The VEC~4.2 criterion: Qi and Chrzan [20] proposed that the intrinsic ductility of
a bcc refractory alloy could be estimated based on VEC. They showed that Mo- and
W-based alloys could become intrinsically ductile if their average valence electron numbers
were decreased by alloying. Moreover, Sheikh et al. [21] demonstrated a ductility around
VEC = 4.2, proposing the idea of metastability engineering. Changing the composition of
the alloy, the brittleness increased as the VEC value increased from 4 to 6 [21]. Exploiting the
transformation induced plasticity (TRIP), the ductilization of BCC-RHEAs was obtained
by alloying, reducing the VEC to 4.2 [22,23].

Local lattice distortion (LLD) criterion: Theoretical calculations [24] revealed that the
local lattice distortion of the refractory HEAs was much more significant than that of the
3d HEAs.
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Recently, a ductility index was presented [25] based on the ab initio calculation of the
ratio of the average local lattice displacement and vector norm of the lattice displacement
of local lattice distortions (LLDs). A ratio smaller then 0.3 is ductile, and that larger than
0.3 indicates brittle behavior.

We have to keep in mind that all predictions concerning the ductility behavior refers
to single-phase alloys Usually, all of these ductility meters are checked by representing
them as a function of fraction strain, (¢). The check is valid if the points of the alloys
are sorted in two opposing quadrants only separated by the critical values of the DI
under investigation and taking, rather arbitrarily, (¢) = 10% for the brittle-ductile limit.
The problem is with the set of data containing samples prepared with different methods,
different phase compositions, and (¢) measured with different accuracies. The scope of
this work was to find a proper way for sorting the alloys into brittle and ductile quadrants.
This scope was realized by introducing new DI parameters that scale linearly with the old
ones. First, we represented the elemental metal data and decided the critical values of the
parameters at the borderline of B-D behavior. Then, we checked the alloys available in
different published datasets.

To sum up, each ductility criterion defines a ductility index with a characteristic critical
value separating the ductile and brittle behavior. Two classes of the ductility indices were
used in the application of the ductility criteria. In the phenomenological class, we used
those based on the tabulated data of constituent elements of the alloys (Pugh, Pettifor, and
Rice and Thomson). The LLD (local lattice distortion) and D parameter (D = Yqurf/ Yust)
belong to the theoretical ductility meters only obtainable by ab initio calculations. The
scope of the present work is twofold. First, to renew the existent phenomenological criteria
by introducing new parameters that are available from tabulated data. Second, the new
DI parameter will be not checked with the fraction strain (¢) parameter with uncertain
numerical value, but with an old DI parameter with which it can be scaled (i.e., it has a
linear relationship).

3. Results

In the following four paragraphs, we present how to classify the alloys of a dataset
into ranges B-D with the “old” DI parameters discussed in the introduction. The following
nine figures are based on the dataset (about 50 RHEAs) collected by Hu et al. [19].

3.1. Application of Fracture Strain as Ductility Index

At first, it seemed that the most obvious ductility index is the deformation until frac-
ture, expressed as a percentage of the original size. The values of the fracture deformation,
¢, obtained from compression measurements, are very contingent and can differ by as
much as 50-100%, especially if the faces of the square column-shaped sample are not
plan—parallel. Furthermore, our ductility criteria are valid for single phase homogenous
alloys. The single-phase structure of the samples with ¢ data published in the literature was
not documented carefully, which is why we were looking for other decision-maker ductility
meters. Considering the fracture strain as just a qualitative parameter only, we defined,
rather arbitrarily, the ductile behavior as ¢ > 10% and brittle for ¢ < 10%. Furthermore, we
defined a derivative of this ductility meter, the effective fracture energy FE as the product
of yield stress and fracture strain:

FE = 0, ¢ @)

In Figure 1, we present the fracture energy as a function of fracture strain for a set of
50 refractory HEAs with a BCC structure. The data were collected by Hu et al. [19], together
with the D = yg,¢/Yust calculated parameters.
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Figure 1. Fracture energy versus fracture strain. Two opposite quadrants separately contain the

brittle and ductile alloys, B and D. The other two quarters are empty if the critical values are chosen
correctly. . = 10% and E. = 200 M]J/ mS.

3.2. Application of Reduced Valence Electron Counts Parameter, R-VEC

It is known that a number of physical properties depend monotonously from the total
valence electron counts (VEC). Furthermore, we demonstrated in a recent paper [26] that
a correlation exists with the number of unpaired d electrons. To emphasize the role of
unpaired d electrons, here, we introduced the so called “reduced VEC”:

R-VEC = (VEC — 2)/4.5 )

valid for the RHEAs only. This expression gives the relative number of d electrons, starting
from Ti with 2 d electrons (VEC = 4) and ending at VEC = 6.5, where the maximum occurs
for those properties that show strong VEC dependence (hardness, cohesion energy, elastic
moduli, see [26]).

In Figure 2 the fracture strain as a function of R-VEC is presented. Accepting 10%
fracture strain as the limit of B-D behavior the critical value for R-VEC will be 0.72.
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Figure 2. Fracture strain ¢ as a function of reduced VEC. The critical values are ¢; = 10%, R-VEC. = 0.72,
and VEC =54.
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3.3. Application of Poisson Ratio and Its Derivative, Parameter D* of Christensen

If there are no available ductility meters, then we have to create one. The most
promising parameter looks like to be the D* parameter of Christensen because out of the
four elastic parameters (B, E, G, and v), the Poisson ratio, v, is the most sensitive to the
brittleness of deformations. Having already determined the average moduli values for

the given alloy, Gave and Baye, with the rule of mixture (ROM), the Poisson ratio can be
calculated with Formula (9):

3B —2G
— d 9
" T 6B 126 &
The rather limited interval of variation of the v parameter (between 0.2 and 0.5) was
overcome by Christensen [27], defining a ductility index parameter, D*, as:

In practice, D* varies between 0.25 and 1 while v varies between 0.2 and 0.5. D* =1
corresponds to perfect ductility and D = 0 to total brittleness. The critical value for the In
general, Poisson ratio v > 0.28 and D* > 043 means ductile. Representing the fracture strain
as a function of D* (see Figure 3), the critical value for D* = 0.562. It should be mentioned
that Formula (9) is valid for isotropic alloys only.
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Figure 3. Fracture strain c as a function of modified Poisson ratio parameter D*. The critical values
are ¢c = 10% and D¢.* = 0.562.

3.4. Application of Modified Rice Ratio, the Parameter D, (See Equation (6)) as Ductility Index

First, we report on a very important observation. The D parameter of Rice obtainable
by theoretical calculations only, scales with the phenomenological obtainable D* parameter
( see Figure 4). This observation makes it possible to obtain the D parameter of an alloy
through the role of mixture calculations based on the tabulated D values of the constituent
elements. Representing in Figure 5 the fracture strain as a function of D parameter helps
determining the critical value for D = 2.62.
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Figure 5. Fracture strain ¢ as a function of the D parameter. The critical values are ¢c = 10% and
D =251.

3.5. Application of Cauchy Pressure and Pugh Ratio as Ductility Meters

According to the Senkov and Miracle calculations, the Cauchy pressure C” = Cyp — Cyy
can also be expressed in terms of the elastic moduli (see Equation (6) in Ref. [28]):

B
(11)
D5 (2413)2434)
fA) =3 Sameas

Cr — (c12§(:44) _ (1 _f(A)G)

The critical value of Cauchy pressure, C” = 0, determines the critical values of the
Pugh ratio, G/B, as

(G/B)er = 1/1(A). (12)

This critical value of the Pugh ratio varies between 0.568 for A =2 and 0.3 for an
infinite value of A.
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The critical term is the Zener anisotropy [29], defined as:
A =2C44/(C11 — Crp) (13)

For isotropic polycrystalline materials, A = 1 signals perfect disorder in grain orienta-
tion. This is difficult to realize experimentally because casting produces inherent thermal
cooling anisotropy. However, the largest effect on elastic anisotropy is produced by the
metastable structure around VEC = 4.2 when the material is at the limit of BCC and HCP
phase formation, which means that C’ (C’' = (C1; — Cy2)/2) becomes zero, and anisotropy
A has a singular point presenting a large value of the order of ten.

This singular point was around VEC = 4.1-4.2, both for elemental metals and alloys
(see Figure 6). It turns out that for the elements at the beginnings of rows 3d—4d and 5d
(VEC around 4), the anisotropy presented a large, singular point, and the critical G/B value
was minimal, at 0.30. For VECs out of the singularity region, the C’ values differed from
zero, and the critical G/B value achieved their normal values between 0.57 and 0.3. It
should be mentioned that because of this VEC dependence of Zener anisotropy, it cannot be
defined as a unique anisotropy factor (f(A)) for a set of samples with different VEC values.
We recommend choosing, rather arbitrarily, the interval 0.26-0.28 for the minimal values of
the Poisson ratio for the BCC-RHEAs. The corresponding interval or the critical value for
G/B is 0.568-0.515, and for the anisotropy factor f(A), the interval is 1.76-1.941.
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Figure 6. Valence electron counts dependent of the C' component of the shear modulus for refractory
metals and their alloys. Linear correlation was found between the valence electron counts and the C’

component of shear modulus for refractory metals and alloys. For alloys the data from [18,30] and
for pure metals the tabulated data have been used.

The expression of Cauchy pressure as a function of Pugh ratio and anisotropy factor
serves as a new ductility index, Parameter PSM (Pettifor-Senkov—-Miracle):

le—f(A)E (14)
where P > 0 means ductile, and P < 0 means brittle.
The anisotropy factor, f(A), was determined as follows:
i.  From the tabulated data, we collected the G and B values of the alloying elements;
ii. ~ With the rule of mixture, we calculated the average values for the given composition,
Gave and Bave;
iii. ~ With Formula (15), we calculated the critical value of G/B by selecting the critical
value v, of the Poisson ratio.
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Cauchy pressure , with f(A) = 2.68

_§1—21/
T 21+4v

(15)

(5).

Usually, ve = 0.28 and (G/B)c; = 0.515. The anisotropy factor will be the inverse of
(G/B)cy, f(A) = 1.939.

With this, the P parameter of Equation (14) can be calculated for the dataset and can
be represented as a function of accepted ductility indices (fracture strain, LLD, and D
parameters).

The important values of these parameters are collected in Table 1.

Table 1. The critical values for the PSM parameters: Poisson ratio.

v D* (G/B)cr f(A) A
0.2 0.25 0.75 1.33 0.8

0.25 0.36 0.6 1.66 1
0.28 0.43 0.515 1.9417 3.35
0.31 0.5039 0.435 2.298 6.94
0.33 0.5625 0.375 2.66 14.4
0.5 1 0.3 3.33 inf.

Although we have tried different DI pairs for the PSM parameter (fracture strain in
Figure 7a, reduced VEC in Figure 7b. and parameter D in Figure 8), the strong dependence

of Cauchy pressure from the Zener anisotropy makes it less applicable for the delimitation
of B-D regions.

Figure 7. Delimitation of the B-D regions using Cauchy pressure parameter P =1 — 2.66* (G/B) versus
(a) fracture strain and (b) R-VEC.

Unfortunately, the application of the oldest Pugh criterion also does not give better
results (see Figure 9) in terms of classification according to B-D properties because the Pugh
ratio is also dependent on anisotropy factor A, which can vary arbitrarily from sample
to sample. Applying the Voigt-Reuss—Hill (VRH) approximation [31], we obtained the
following expressions for the shear and bulk moduli as a function of the Cy1, Cq3, and Cyy
elastic constants and Zener anisotropy A (see Equation (13)):

G — 3Cu(A2+12A42)
5A(2A+6)

(16)
B = % + C1i2
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Figure 9. Delimitation of B-D regions using Cauchy pressure, P = 1 — 2.66*G/B), and the Pugh ratio
versus D parameter.

It is worth noting that while applying the Pugh criterion there are problems due to
the singularities of the anisotropy around the value of VEC = 4.2, until then, this does not
affect the application of the Rice and Thomson criterion.

Changing the pairs of ductility indices, no improvement in the delimitation of B-D
regions could be detected. The only advantage of these figures is that it makes clear the
constancy of critical values, irrespective of the chosen pair. However, it seems necessary to
search for new DIs to improve the classification of alloys in the D-B range.
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3.6. Possible New Physical Parameters for New Ductility Indexes

Parameter k (renewed Pugh criterion)

In order to renew the existing ductility meters with new parameters, we had to
demonstrate that the new parameters scaled with the old ones and were eventually easier
to access through tabulated values. We considered the following new parameters: the force
constant, k, the amplitude of thermal vibration, u, the melting temperature, and the surface
energy, Ys.

The force constant, k, can be calculated from the tabulated atomic mass, A, and Debye
temperature (0p[K]) data as follows [32]:

2
k:<k§) A% =286-1075 A0} (17)

The unit of k is N/m (J/m?). In order to obtain the elastic moduli unit, we have to
divide it with a length parameter, which we arbitrarily selected as the amplitude of thermal
oscillations at the Debye temperature. This selection was motivated by the fact that it varies
in the opposite sense with the force constant, so the larger the force constant, the smaller
the thermal amplitude.

The mean square amplitude at T = 0, is given in the textbook [33] as:

<w?>=92. L — 4368610720 41 s
<u>=[BES H

where A and 0p are the tabulated atomic mass and Debye temperature, respectively.
Finally, the new DI parameter, k/<u>, has the same unit, N/ m2, as the elastic moduli:

k  286-107°A0%
<u> /436.86
A0p

In Figures 10 and 11, we demonstrate that both the force constant and the ratio k/<u>
can be scaled with the shear modulus, so can consequently replace it in the Pugh criterion.

=0.137- A%/2 . 63/? (19)
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Figure 10. Scaling of the shear moduli with the force constant for elemental metals (a) and alloys (b).
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Figure 11. Scaling of the shear moduli with the ratio of the force constant and thermal amplitude for

elemental metals.

The shear moduli was scaled with both (a) the force constant, G = k/5, and with (b) the
ratio of k/u, G = (1/64)k/u + 28. Furthermore, we had to find the appropriate substitute
for the bulk modulus, which is the second term of the Pugh ratio. We remind the reader of
the work by Wacke et al. [33], who showed that the bulk moduli scaled with the density
of cohesion energy. Here we will use the scaling relationship between the bulk moduli
and melting temperature (see Figure 12), because Kaptay [34] have demonstrated a strong
linear correlation between the cohesion energy and melting temperature. Therefore, we
found the new Pugh ratio as the ratio of k/u and melting point T;,.
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Figure 12. Scaling of the bulk modulus with the ratio of melting point and molar volume.

210



Crystals 2024, 14, 838

The dimensionless expression for the new Pugh (NP) ductility index, NP, will be:

k Vp

NP= — ——
<u > RTy,

(20)
where k/u stands for G and RT,, /Vy, stands for B.

Using the tabulated molar volume in cm®/mole, the melting temperature in K, and
the amplitude in A, we can extract a numerical factor:

k VvV, 10*

NP = -
<u>T, 831

obtaining the reduced new Pugh (RNP) index as:

kK Vu
RNP = — 21
<u>Ty, 1)

In practice, we have found that a better relationship can be obtained with the square
root of RNP as a function of the “old” Pugh ratio, G/B. The result is shown in Figure 13,
where the known brittle elemental metals are clearly delimitated from the ductile ones.
A similar good delimitation was obtained for the refractory alloys dataset collected by
Borg [35] and Gorsee [36,37].
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Figure 13. Clear delimitation of D and B quadrants in G/B versus sqrt (RNP) representations for
(a) elemental metals and (b) for RHEAs.

3.7. Easy Access Surface Energy and Renewed Rice and Thomson Meter

Considering that all of the cohesion related properties were expected to scale with the
melting temperature, it was not out of the ordinary that the surface energy scaled with the
melting temperature (see Figure 14), even though the units of the two energy correlated
properties were not the same. An extremely simple numerical expression helps obtain the
surface energy by dividing the melting temperature in Kelvin with 1000, and the unit of 7,
will be J/m?. As we do not have the space here to enter into an extensive analysis of this
simple relationship, we just employed it to renew the Rice-Thomson expression. Instead of
G*b/vsur, we can apply the two dimensionless expression k/ysyr or 2R*(k/u)/su,f, where 2R
is the near-neighbor distance, u is the thermal amplitude at the Debye temperature, and g,
is the tabulated surface energy. The scaling of the new and old Rice and Thomson parameters
are presented in Figures 15 and 16. It turns out that the brittle elemental metals were those
with the highest melting point. The linear correlation was also preserved for the collection of
alloys, although none of them were really brittle, having a R-T parameter less than 10.
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Figure 16. Assignment in B-D regions in the representation of old and new R-T parameters. The
alloys were taken from the [35] dataset.

Concerning the application of B-D criteria and the corresponding DIs, we observed
that the application of the Pugh criterion is complicated because of the anisotropy factor,
which showed a singularity around VEC = 4.2, whereas the Rice and Thomson parameter
was free of this problem.
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Finally, we present a calculation example of how to apply the old-new Pugh and the
old-new Rice and Thomson criteria based only on the tabulated data. First, we collected
the necessary tabulated data, as shown in Table 2:

Table 2. Collection of the tabulated data for the application of the Pugh and R-T criteria.

Metal A NN-Dist Op Tm Dens Vm Ysurf k v G B

g/mol A K K g/ em®  em®/mol  J/m? J/m?2 GPa GPa
Al 27 433 933 2.7 10.00 1.143 145.0 0.35 26.10 78.10
Fe 55.85 248 478 1808 7.87 7.097 2417 363.0 0.29 81.90 179.5
Ti 479 2.89 425 1943 451 10.62 1.989 246.0 0.32 43.40 88.60
Zr 91.22 3.17 296 2127 6.51 14.01 1.909 227.0 0.34 36.80 75.80
Hf 178.49 3.13 253 2500 13.31 13.41 2.193 325.0 0.26 55.80 109.0
\% 50.94 2.62 399 2190 6.09 8.365 2.622 231.0 0.37 48.10 139.4
Nb 9291 3.3 277 2741 8.58 10.83 2.635 203.0 0.40 38.00 170.0
Ta 180.9 2.86 264 3269 16.68 10.85 2.902 359.0 0.334 70.00 193.0
Cr 51.99 291 589 2133 7.14 7.282 2.354 513.0 0.21 90.00 196.5
Mo 95.84 2.72 474 2890 10.28 9.323 2.907 613.0 0.29 118.0 285.0
W 183.8 2.74 384 3683 19.26 9.546 3.265 772 0.28 151 338

Table 3.

With the composition of the alloy, we can calculate the average value of each character-
istic with the rule of mixture (ROM). At present, the ROM means a concentration weighted
average of a given, X, characteristic, xaye = ZCi*x;. The average values are collected in

Table 3. Calculated characteristics for the alloys taken as examples.

Alloy RVEC D* G B k u Vm Tm  yeurt b
GPa GPa N/m A cm? K J/m?> A

ave ave ave ave ave ave ave ave ave
TiZrHfNbMo 0.57778 05453 584 1455 3228 0.12 11.63 2440 2326 3.042
VNbTaMoW 0.75556  0.5808 85.02 125 4356 0.109 9.782 2955 2866 2.846
NbTaMoW  0.77778 05477 9425 2465 48675 0.1006 10.13 3145 2927 2.905

Finally, as shown in Table 4, we calculated the ductility indices for three alloys where
from 2 were at the border of the B-D properties. A perusal of Table 4 helped with the
selection of the most suitable DIs, comparing the calculated ones with the above enumerated
critical values. Furthermore, we can involve in the discussion above the applicability of the
DIs of ductility meters that are experimentally (fracture strain) or theoretically (local lattice
distortion, LLD, and the ratio of surface energy and unstable stacking energy, D) obtained.
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Table 4. Comparison of ductility indices for three refractory alloys.

Alloy Frac.strain ¢ D Gb/ly kly G/B sqrt(k/u*Vm/Tm) k/u
% /10 /10 N/m?
DI DI DI DI DI DI
1. TiZrHfNbMo 10,10.12 3.088 7.63 13.8779 0.401 0.35807 2690
2. VNbTaMoW 1.7,2,8.8 2.28 8.4415 15.19888 0.377 0.36372 4137
3. NBTaMoW 2,19,2.1 2.397 9.376 16.62852 0.382 0.39487 4838

Considering the criterion based on D¢, = 2.5, alloys 2 and 3 are brittle and alloy no.
1is ductile. Considering the fracture strain criterion, alloy no. 1 was just at the border of
the sB-D properties, but the brittleness of the other two alloy was confirmed. Both the old
and new R-T criterion had values in the transition zone, with no firm decision about the
B-D behavior. Both the old and new Pugh criterion predicted the ductile behavior for all
three alloys, which was not the case. At least the RNT parameter varied monotonously
with the brittleness of the samples while the G/B parameter varied up and down, and
unless the anisotropic effect is taken into account, the G/b parameter by itself is useless.
Surprisingly, when we took only half of the new Pugh index (i.e., only the k/u parameter),
we obtained a much more sensitive DI, where we achieved a 50% change in the parameter
in this transitional range in question. However, it cannot be considered a DI because it is
not dimensionless.

The brittle-ductile behavior of single phase RHEAs can be further improved by adding
elements from the fourth column of the periodic table (Ti, Zr, and Hf), facilitating the
formation of two-phase (HCP + BCC) alloys. The ratio of phases permit improvement and
control of the B-D nature of the alloy [38,39], which will be the subject of our next paper.

4. Conclusions

The survey of the most important ductility indices (DI) showed that no perfect B-D
distinction can be made when these Dis are represented as a function of fraction strain, «.
Although ¢ is considered as the most direct DI, its value shows big variations as a function
of the preparation and testing details of the given composition. The standard deviation
of the ¢ data is significant and can reach 100%. Therefore, in the case of a large number of
samples, data pairs also end up in the “forbidden” quadrants. In order to facilitate the D-B
distinction, we recommend that the fraction strain, ¢, be used only for qualitative checks to
verify the correctness of the sorting. However, the sorting itself is conducted with DIs set
in pairs, preferably so that the pairs consist of mutually scalable parameters.

In order to promote this way of classifying samples, a number of ductility indices have
been adopted or created from the existing mechanical characteristics:

i.  Based on the experimental tests, the fracture energy approximated by the product
of yield stress with fracture strain, FE = oygs*e, scales with fracture strain can be
considered as a new ductility index, DI;

ii.  Based on valence electron counts (VEC), there were reduced valence electron counts,
which revealed the number of unpaired d electrons as RVEC = (VEC — 2)/4.5;

iii. Based on the Poisson ratio v, the new DI will be the parameter of Christensen:
D* = 3v/(1+ V)%

iv.  Based on Cauchy pressure, the Pettifor, Senkov, and Miracle (PSM) parameter =1 —
f(A)*G/B.

Furthermore, new DIs were introduced based on the thermal vibration characteristics

(force constant and thermal amplitude). Special pairs were introduced consisting of an old

214



Crystals 2024, 14, 838

DI (Rice-Thomson parameter, Pugh ratio) and its new scalable version, which correlated
with each other:

i.  The parameters of Pugh’s ratio, G/B, were replaced by reduced new Pugh parameters:
RNP = (k/u)/(Tm/Vm), where the force constant, k, over the amplitude, u, scales
with G and the melting point, Tm, over the molar volume, Vm, scales with B.

ii.  The parameters of the Rice and Thomson ratio, Gb/vy, were replaced by k/v, where
the two parameters showed linear correlation: Gb/y = 0.053*(k/).

When creating the parameters, we made sure that they had scalable partner parameters
and were dimensionless and accessible by simple calculations based on tabulated data.

The critical values of the old and newly introduced ductility indices were established
as follows:

Larger DI values than the critical one indicate a brittle property: (VEC)cr = 5.4,
(RVEC)cr =7.2, (G/B)cr = 0.48~042 and its pair (sqrt RNP)cr = 4.8-4.2, (Gb/y)cr = 7.5-10
and its pair (k/y)cr = 140-180.

Larger DI values than the critical one indicate a ductile property: (e)cr = 10%,
(FE)cr = 200 MJ/m?, v depends on the anisotropy (v)cr = 0.28~0.33 and (D*)cr = 0.43~0.562,
(D)cr =2.41~2.5.

Aside from the new DI parameters, we emphasize the importance of some linear
scaling correlations that were found between a number of parameters:

L Surface energy, vs, scales with Tm (y = Tm/1000), where the unit of y is J/ m? and
that of Tm is K.

II.  Surface energy scales with the parameter D.

III.  The Poisson ratio related D* parameter scales with the D parameter: D = —7.14 + 17*D*.

IV.  Due to these scaling correlations, the theoretically calculated D parameter can be
obtained phenomenologically as well as using the rule of mixture (ROM) calculations
based only on tabulated data. The ratio of surface energy to unstable stacking energy
is the D parameter, which is preferred by the community of theoretical physicists
working on the theory of the B-D property. Until now, D has only been available by ab
initio theoretical calculations. Its calculability by the ROM needs further explanation.
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Abstract: In our study, we utilize molecular dynamics simulations, specifically through the Reactive
Empirical Bond Order, to unravel atomic-scale dynamics in graphite, an essential component in
many advanced technologies, under varying irradiation scenarios. We shed light on the behavior
of graphite when exposed to Primary Knock-on Atom (PKA) energies of 10, 20, 40, and 80 keV. The
findings highlight the radiation vulnerability of graphite, especially when influenced by hydride
inclusion. Both pristine graphite and its hydride variant exhibited an increase in Frenkel pairs
(FPs) with escalating PKA energies. Notably, carbon PKAs manifested significant FP effects, whereas
hydrogen PKAs influenced defect formation through variable diffusivity. In tested radiation scenarios,
particularly in Mode C and the R1 region, cascade patterns identified distinct defect forms of diamond-
like and elongated-diamond-like shapes, distinct from the typical PKA collision clusters. Furthermore,
our cascade findings emphasize the formation of three-coordinated graphite rings, particularly as
PKA energies increase. The graphite population statistics reveal a decline in threefold-coordinated
atoms and an increase in other types of defects, with 7-carbon atom rings being the most common.
Our research highlights the significance of understanding three-coordinated graphite rings, especially
as PKA energies rise. Graphite population statistics reveal a decline in threefold-coordinated atoms
and a rise in other defects. Notably, 7-carbon atom rings are the most common. From a clustering
perspective, self-interstitial atom (SIA) clusters predominated in pristine graphite, while this trend
balanced in the hydride variant. Our research highlights the importance of understanding atomic
behaviors in graphite under several radiation scenarios. This knowledge is needed for advancing
reliable and efficient technological applications, particularly in the field of nuclear technology. Our
research underscores the need to understand atomic behaviors in graphite under radiation, paving
the way for detailed study on reliable efficient technological applications.

Keywords: primary radiation damage defects; graphite; hydride; multiple cascade; molecular
dynamics; collision cascade

1. Introduction

Graphite has always been at the forefront of materials suitable for nuclear applica-
tions, owing to its unique physicochemical properties. Its legacy dates to 1942 with the
inception of the Chicago Pile 1, and it has been considered for advanced Generation IV
reactor concepts [1]. Such persistent reliance on graphite is attributed to its remarkable
radiation responses, which induce significant changes in its thermal, mechanical, and creep
properties [2]. Neutron-induced interstitials in graphite can raise its energy levels, leading
to phenomena like Wigner energy release if not effectively managed.

Graphite’s behavior under irradiation, especially the intriguing radiation-induced
dimensional change involving shrinkage, swelling, and cross-over at elevated damage
levels, is complex yet crucial for reactor performance [3]. Pre-existing Mrozowski cracks

Crystals 2024, 14, 522. https:/ /doi.org/10.3390/ cryst14060522 218 https://www.mdpi.com/journal/crystals



Crystals 2024, 14, 522

and porosity in reactor-grade graphite interact with defects, causing atomic-scale changes
in structure [4].

Traditional methods, like Scanning Tunneling Microscopy and Rutherford backscat-
tering, have been employed for investigating atomic-scale radiation damage in carbon [5].
STM, although adept at surface characterization, offers limited scope in area analysis.
Similarly, Rutherford backscattering often struggles with bulk materials due to the inherent
challenges posed by polycrystalline structures like HOPG. In this landscape, Raman spec-
troscopy has emerged as a promising technique. It indirectly pinpoints defects in carbon
materials, with the D to G Raman mode intensities being indicative of defect populations.
The modified Tuinstra—Koenig (TK) model has further elucidated this, revealing that at
higher damage levels, the D mode intensity decreases as defects become more proximate to
the sixfold ring size.

Yet, it is the advent of Molecular Dynamics (MD) simulations that has truly revolution-
ized our understanding; offering unparalleled insights at the atomic level, MD simulations
highlight pivotal factors like primary knock-on atom (PKA) energy [6-10]. Nevertheless,
the selection of an appropriate interatomic potential remains contentious [11]. Historical
attempts, such as using the Tersoff potential, have provided valuable findings on the sput-
tering of graphite [12]. Later efforts incorporated potentials like the Brenner, renowned
for more properly capturing the C60 structure [13]. However, these potentials often falter
when faced with long-range interactions. A significant breakthrough was the modified
Tersoff potential with a long-range extension, shedding light on previously unnoticed
hillock formations on graphite surfaces [14].

Despite these advancements, challenges persist. For instance, while density function
theory (DFT) has offered a glimpse into early-stage defect evolution, it grapples with
the intricacies of weak van der Waals interactions [15]. Yet, with the introduction of the
AIREBO potential, accounting for both inter-layer covalent bonding and van der Waals
forces, there is renewed hope [16]. However, values like threshold displacement energy
were successfully evaluated with MD, with values spanning from 10 eV to 70 eV, as
discussed by Banhart and Zinkle [17] As we move forward, understanding irradiation
schemes on graphite, especially in high-energy cascades, becomes paramount.

While graphite, in its pure form (i.e., pristine), has been the subject of extensive
studies, irradiation-induced impurity effects such as the hydrogen production in reactors
can lead to its accumulation within graphite, morphing it into a graphite hydride [18].
Hydrogen can influence graphite’s thermal stability, mechanical resilience, and radiation
resistance [19]. With the critical roles of graphite in reactors like gas-cooled reactors and
very high-temperature reactors (VHTRs), any change in its structure and properties, due to
impurities or otherwise, is worthy of consideration. Furthermore, variant effects such as
irradiation patterns can be still searchable with MD simulations.

In this work, we extend the ongoing discourse by leveraging MD simulations to
closely examine radiation-induced collision cascades in graphite. Our study spans a range
of primary knock-on atom (PKA) energies, by varying displacement directions, and even
delves into multi-PKA irradiation scenarios for a more realistic representation.

In our study, we conducted a series of MD simulations to explore the collision cascades
in both pristine graphite and graphite hydride. The investigation was carried out over
a range of PKA energies, specifically at 10 keV, 20 keV, 40 keV, and 80 keV, to provide
a comprehensive understanding of the energy-dependent response of the materials. To
further deepen our insights, we not only examined the effect of the collision displacement
direction and vibration effects but also considered different scenarios of irradiation. In
addition to the traditional single PKA approach, we explored complex irradiation scenarios
where the same total amount of PKA energy was distributed among several PKAs at
different locations within the graphite structure, simultaneously. This multi-PKA approach
allowed us to mimic more realistic irradiation conditions, potentially offering a more
nuanced view of how graphite responds to radiation. By systematically varying these
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parameters, our work paints a wider picture of the irradiation behavior of these materials,
contributing valuable insights that are relevant to their application in nuclear environments.

2. Simulation Methods

In this research, molecular dynamics (MD) simulations were performed using the
Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) package [20].

The carbon interatomic potential was described by the modified Adaptive Intermolec-
ular Reactive Empirical Bond Order potential (AIREBO) and used to characterize the
interatomic interactions for graphite and graphite hydride [21], which was developed from
the original AIREBO potential by J. Stuart [16]. The energy potential parameters for carbon—
carbon (C-C) formation and migration, as well as hydrogen-hydrogen (H-H) interactions,
were established through alignment with a mix of experimental data and first-principles
calculations. Additionally, the cross-interaction parameters for carbon-hydrogen (C-H)
were refined to conform to a specific set of first-principles data.

We conducted MD simulations by subjecting a simulation cell structure to initial
conditions of 30 K and 0 Pa in order to equilibrate it. For the recoil simulations, the starting
temperature was established at 30 K, but for some simulations, it was reduced to 0 K to
obtain observations unaffected by the thermal movements of atoms. These simulations
were categorized as the 30 K recoil simulations and the 0 K simulations, respectively.

The objective of conducting simulations at 30 K, termed 30 K recoil simulations, was to
align the simulations closely with experimental values noted at low temperatures [22]. To
mitigate the impact of atomic vibrations on the accuracy of our collision cascade predictions
at this temperature [23], we performed several iterations for each directional displacement.
This entailed conducting four distinct simulations for assessing the collision cascade in
every direction, with the time gap between successive recoil incidents fixed at 50 fs. These
simulations commenced at varying instances: 0, 50, 100, and 150 fs [23]. Averaging the
outcomes from these runs helped in reducing the effects of thermal vibrations and temporal
correlations on the cascade data.

The pure graphite structure, formed by replication rectangular graphite unit cell
shown in (Figure Sla), is constructed by stacking graphene layers placed in periodic bound-
ary conditions at all boundaries in a cell size measuring 116 A x 118 A. Approximately
40 of these layers are stacked together, resulting in a final structure dimension of
116 A x 200 A x 118 A. This assembly comprises approximately 400,000 carbon atoms. In
this configuration, the hydrogen atom substitutes for a carbon atom in each graphene unit
cell, leading to the formation of C-H of the hydride structure.

The H atoms within the graphite structure were stabilized and optimized using the
DFT calculation with Quantum Espresso-implemented Materials-Square Platform [24].
The selected unit cell after DFT calculation was added to the Supplementary Materials
as the most stable structure (Figure S1b). The PKA was predominantly selected to be a
carbon atom, with hydrogen atoms used in specific instances; both were positioned at the
simulation box’s center. To evaluate the collision cascade, we averaged the defect evolution
measurements across the chosen dataset. The impact of vibrations was considered by
testing four different vibration timings for each direction of displacement, ensuring the
statistical reliability of our findings [23]. The investigation included conducting simulations
for both pristine graphite and graphite hydride systems, with results compiled from
20 simulations for each structure. The simulation cell size was determined to maintain the
system’s average temperature below 200-300 K post-collision, preventing the displacement
cascades from extending beyond the cell boundaries, even at the highest PKA energies.

An adaptive timestep was employed, setting the upper limit for displacement per step
(xmax) at 0.01 A and the maximum timestep (tmax) at 0.02 ps. These parameters proved
to be effective for evaluating defect formation across various xmax and tmax values [25].
At the start of each MD simulation of recoil events, the PKA was imparted with recoil
energy through its velocity components. Defect formation was assessed using Voronoi
analysis [26]: a site was deemed to contain a self-interstitial atom (SIA) if it held more than
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one atom, considered a vacancy if it was empty, and regarded as undamaged if neither
condition was met, for each level of PKA energy. Throughout the displacement cascade
triggered by irradiation, the system’s temperature, volume, and number of atoms were
kept constant (NVT ensemble) over 30 ps to ensure the observation of all three ballistic
phases was feasible. To calculate the number of atomic displacements leading to defect
creation in materials under irradiation, the Norgett—-Robinson-Torrens (NRT) formula is
widely utilized [27].

0.8E pka

2E,

NRT displacement = (1)

Here, Ey, represents the energy deposited in the material due to nuclear interactions
during a collision, which is approximately equal to the energy possessed by PKA as
it initiates a cascade of secondary atom collisions. E; signifies the material’s threshold
displacement energy (TDE), identified as 35 eV for pure pristine graphite, derived from
applying the AIREBO potential within the computational framework outlined in the
referenced study [28].

Table 1 details the modeling parameters utilized within this research, including a
summary of the standard NRT displacement calculations. However, the NRT approach
presumes a uniform impact of atomic displacements on FP’s formation, an assumption
that oversimplifies the actual process. The formation of FPs is influenced by numerous
variables, including the displacement’s direction and energy, the types of atoms involved,
and the material’s local structure. Consequently, the NRT model might not accurately
reflect the quantity of FPs generated, as it overlooks these critical factors. In contrast,
MD simulations offer an intricate and accurate method for examining FP formation and
dynamics under various irradiation scenarios, aiming to accurately quantify FP formation.
The analysis of the final atomic arrangements was conducted using OVITO, a tool designed
for visualization and post-processing [29]. The characteristics and dimensions of the
cascade were identified using the analytical features available in OVITO.

Table 1. Outline of the parameters used to simulate collision cascades. A structure measuring 116 A
by 200 A by 118 A was constructed. To cover various scenarios, sixteen unique simulation scenarios
were devised, encompassing four vibration timing options and four displacement directions. The
energy levels examined ranged between 10 keV and 80 keV.

Number of Atoms Number of
PKA Energy (keV) . Independent Displacements Counts (NRT)  Simulation Duration (ps)
in Structure
MD Runs
10 400,000 20 114 30
20 400,000 20 228 30
40 400,000 20 457 30
80 400,000 20 914 30

3. Results and Discussion
3.1. Collison Cascade Dynamics
3.1.1. Frenkel Pairs (FPs) Evolution under Different PKA Energies for Graphite

This study utilized the standard error of the mean (SEM) to quantify the variations in
the creation of Frenkel Pairs (FPs). The SEM was computed as the standard deviation of the
average number of FPs from 20 simulations, divided by the square root of n. The damage
evolution patterns (Figure 1) for both (a) pristine graphite and (b) graphite hydride at PKA
energies of 10, 20, 40, and 80 keV. The patterns are quite consistent across these energy levels;
higher PKA energies yielded higher peaks and prolonged times to stable recombination,
whereas lower PKA energies led to shorter peaks and faster recombination. Approximately
60% of the maximum FPs survived in the peak across the range of the evaluated PKA
energies. During the ballistic phase, the kinetic energy of the PKA triggers a rapid rise
in atomic displacements, reaching the highest concentration of defects before most revert
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to their original lattice positions in a process known as recombination or stabilization.
Interestingly, the peak is narrower in pristine and wider in the hydride structures. This
behavior can be attributed to the influence of hydrogen in the graphite lattice. In pristine,
the atomic interactions and bonds are more consistent, leading to a quicker recombination
resulting in a narrower peak. Hydrogen atoms can affect the carbon—carbon bonds in
the graphite lattice, which are attributed to hydrogen’s ability to facilitate bond breaking,
potentially hindering the recombination process and leading to a wider peak. Also, the
lighter mass of H compared to carbon atoms leads to more structural deformation.
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Figure 1. Displays the quantity of Frenkel pairs (FPs) generated in collision cascades at PKA energies
of 10, 20, 40, and 80 keV for both pure carbon (a) and carbon-hydrogen systems (b). Each point
averages the outcomes from 20 distinct simulations, factoring in five displacement directions and
four vibration timing scenarios. The red “X” marks indicate the occurrence of structural failure at
specific PKA energies, measured in eV.

Different PKA energy levels result in varying cascade core volumes and defect amount
counts. Higher PKA energies generate results in more primary collision events and increase
the probability of secondary PKAs and subsequent mini cascades [30]. This also can
contribute a contribution to the broader peak observed in hydride compared to the narrower
peak in pristine. It explains why an 80 keV PKA resulted in amplified structural failure in
graphite hydride but remained stable and had lower counts in pristine graphite.

In Figure 1b, the occurrence of two distinct peaks (at 7 ps and 28 ps) at 20 keV
requires a closer examination of the defect and structural phases. These peaks arose from
interactions mainly with H atoms, leading to more FP. Though these were most common in
only one displacement direction, the presented results are averages. Surprisingly, despite
fewer H than C atoms, this behavior underscores the unique aspects of the radiation
damage environment. In hydride, the FP counts were 6-7 times higher than in pristine,
attributed to hydrogen’s role in reducing the TDE to below 30 eV, as has been concluded
in other studies [31]. This increased defect rate suggests the hydride’s reduced stability
compared to pristine. Additionally, hydrogen atoms can penetrate the graphene structure
when exceeding 200 eV [32], whereas other recent studies have stated that the penetration
threshold energy can be penetrated at much lower energies [33]. This information is
important in irradiated graphene where passivating the carbon dangling bonds with
hydrogen atoms in irradiated graphene delocalizes the charge density, reduces the density
of states at the Fermi level, and increases the band dispersion, thereby tuning the properties
of graphene for additional electronic functionality [34].

3.1.2. The Impact of Displacement Direction on the Frenkel Pairs Kinetics

Primary radiation damage is influenced by the crystal structure and unpredictable
collision events that form sub-cascades and channels [35]. The stochastic nature of the
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cascade mechanism makes predicting PKA energy distribution tough, so more statis-
tics are needed. To study the effects of PKA energy and direction on radiation damage,
20 simulations were run for each PKA energy. We looked at the number of remaining FPs

or defects that lasted past the relaxation time, as shown in Figure 2.
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Figure 2. The number of survived FPs when different recoil directions and PKA energies are examined
for (I) pure graphite structure and (II) graphite hydride structure. Displacement directions (a) [1000],
(b) [1100], (c) [1120], (d) [1123], and (e) [0001] are examined.

We looked at displacement directions [1000], [1100], [1120], [1123], and [0001]. Usually,
the defect count was found to follow the order: [0001] > [1000] > [1100] > [1121] > [1123].
The direction [1123] had the lowest defect count at energies like 10 keV, 20 keV, and 40 keV.
At an energy level of 80 keV, the [1121] orientation exhibited a higher number of defects,
potentially as a result of the “concentrated collision sequence” observed at elevated energies.
In such a sequence, atomic collisions predominantly occur along a single direction, with the
sequence’s pattern showing minimal sensitivity to changes in atomic density. This feature
elucidates the observed variation in Frenkel pairs (FPs) in the pristine [1121] orientation in
relation to the energy of the primary knock-on atom (PKA).

Head-on collisions, like in the [0001] direction, often result in greater energy deposition.
This direction typically has the lowest TDE energy in many crystals, including graphite
and graphene. Consequently, a lower TDE means atoms are more readily displaced,
as indicated in references [36,37]. As PKA energy rises, differences in defect formation
between crystal directions become clearer, as seen in Figure 2a,b. For example, at 80 keV,
there is a notable gap in defect counts among the five displacement directions, but this gap
narrows at 10 keV. This is not unique to carbon; materials like Iron and Tungsten show
similar patterns [38-40]. The amplified differentiation at higher energies might arise from
inherent directional threshold variations and the effects of focused cascade collisions. In
hydride, radiation causes many more defects than in pristine. Since hydrogen atoms are
smaller than carbon atoms, they can fit between carbon spaces, disrupting the structure
and creating more defects due to the weakened carbon-carbon bonds [41]. Our results also
observed that, under the same PKA energy and collision cascade conditions, the number
of broken C-H bonds was higher than that of C-C bonds (Video S0Oa,b). In hydride, the
effect of direction on defect formation is clearer. For example, in the <1123> direction (i.e.,
d direction), the material remains more stable. Hydrogen atoms mainly stay within their
layer, reducing the risk of hydrogen buildup. During irradiation, these atoms tend to move
away from vacancies, leading to hydrogen voids. They also cluster, which can weaken the
material. The presence of hydrogen, due to its weaker bond with carbon, further enhances
the chances of void creation. At 40 keV PKA energy, the [1100] direction behaves differently.
Irradiation here results in 700 FPs, much more than about 250 FPs in other directions
(Figure 21II). This is due to the densely packed atoms in the [1100] direction, which is also
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graphite’s c-axis where layers of graphene stack. The c-axis’s weaker bonds make it more
prone to radiation damage. Graphite’s structure, with loosely connected graphene layers,
shows layer-by-layer damage upon radiation. The top layers take most of the hit, while
deeper layers, with diminishing radiation energy, have fewer defects. These layers can also
slide, causing radiation to affect neighboring layers [42]. However, at 80 keV PKA energy,
radiation damages multiple graphene layers, resulting in an average of 1200 to 1700 FPs
across all PKA directions (Figure 2II). But, thanks to the natural strength of graphene and
how radiation spreads, deeper layers might mostly stay untouched if the energy fades
before reaching them.

3.1.3. Effects of Hydrogen Atoms as PKAs on Cascade Dynamics within the
Hydride Structure

It is noteworthy that the employment of H atoms as PKA yields significantly fewer
defects compared to C atoms. In some cases of displacement in the [1123] direction, almost
no defects are observed, as illustrated in Figure S2. The trajectory of H atoms, as they
navigate through the layers and rings of the CH hydride structure, varied based on the
displacement direction. Complex directions presented short, twisted paths, while the more
direct trajectories like the [0001] direction were linear and extended. This observation is
pivotal because it accentuates the idea that the identity of the colliding atom—>be it H or
C—can profoundly influence the cascade and resultant damage in the hydride structure.
Validating that the chances of the H or C atom being a PKA is a random and instant action
in the chaotic irradiation environment. Thus, our judgment on the damage observed in
Figure 1b should not be always the case.

Different displacement directions uniquely influence the PKA pathways in hydride.
For example, the [1123] direction predominantly presents shorter distances between exit
and re-entry points. However, the [1120] and [1000] directions typically show deeper
penetration into the graphite layers. This highlights the PKA direction’s impact on radiation
damage severity, in accordance with studies highlighting the influence of PKA type and
direction on defect formation in irradiated materials [43-45]. H atoms, being lighter
than carbon in the hydride structure, inherently have lower momentum [46—48]. This
makes them less likely to displace carbon atoms within the lattice. Their superior mobility,
compared to carbon atoms, enhances their diffusion ability within the structure, promoting
recombination with vacancies [49]. Additionally, H atoms can introduce SIA defects, which,
compared to FP, exhibit less stability and a greater recombination tendency.

Notably, as we have tested, large energies of PKA (H atom) moving from 10 keV
to 80 keV do not always correlate with increased FPs. Instead, the predominant factor
influencing diffusion patterns mainly appears to be the displacement direction. To clarify,
we present the [0001] direction as a representative case (Figure S2). Although this direction
displays a relatively linear trajectory, other directions exhibit complex pathways. The visual
representation, both in wrapped and unwrapped trajectory formats, highlights the defect
outcomes. Videos S1-S5 further elucidate these trajectories. The H trajectory elucidates the
three phases of hydrogen interaction (Figure S2d), where the initial energetic movement
transitions to a zigzag pattern before the atom becomes trapped between graphene layers.
In this trapped state, the hydrogen atom can marginally alter the C-C bond length before
the system reverts to its original state (Figure S3e).

The timeframes for H trajectories travels across various directions have been observed
as 27.3 ps ([1000]), 33.3 ps ([1100]), 24 ps ([1120]), 24 ps ([1123]), and 40 ps ([0001]). These
timings indicate that more intricate directions are prone to frequent collisions, resulting in
short trajectories. Conversely, the [0001] direction, which showed uninterrupted movement,
hints at enhanced internal movement potential within the structure’s layers.

3.2. Non-Conventional Collision Cascade Scenarios

To gain a comprehensive understanding of radiation damage in graphite structures,
it is pivotal to model the unpredictable nature of irradiation environments more closely.
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Heggie et al. [50] have pointed out that graphite’s layered structure offers unique radiation
interaction dynamics when exposed to high doses of energetic particles. In our study, to
delve deeper, we explored a variety of collision cascade scenarios using a PKA energy of
80 keV in the [0001] direction. This approach is a departure from traditional methods that
trigger the cascade event with just a single PKA. Our method contrasts this by referencing
conventional FP outcomes to state differences in radiation damage. We considered four
distinct energy deposition modes in the graphite structure:

e  Mode D: A conventional single 80 keV PKA, representing the well-understood collision
pattern.
Mode C: Dual PKAs, each with 40 keV.
Mode B: Quadruple PKAs, each carrying 20 keV.
Mode A: Eight PKAs, each imparting 10 keV.

These modes were evaluated across three spatial regions:

e Region 1 (R1): A concentrated area, where the PKA energy—whether from a single
atom or distributed across multiple PKAs—is localized.

e Region 2 (R2): A broader region, though some PKAs may still collide or interfere with
one another.

e  Region 3 (R3): A dispersed region where PKAs act almost independently, simulating
isolated collisions.

This approach positions our simulations as an enhanced tool for understanding
radiation-induced dynamics in graphite. Our findings indicate a particularly pronounced
effect in Mode C of the dual PKAs, which consistently showed the highest number of
survived FPs. The behavior seems contingent on the layered structure of graphite. When
PKAs traverse different layers versus moving within a single layer, discrepancies in defect
formation arise. This also can be weighed by the fact that the average TDE of graphite is
around 35 eV [28]. Thus, each of the collided PKA already carries more energy than the
TDE of the graphite. Thus, ultimately, more FPs can survive. Research and simulations
alike have demonstrated that the bombardment by energetic clusters on various substrates
can result in the creation of either craters or hillocks [51,52]. In the context of our study,
exposing pristine surfaces to 40 keV cluster bombardments led to alterations in surface to-
pography, as observed in MD snapshots. The peak intensity of the cluster beam, involving
clusters of about 200-300 atoms, corresponds to average kinetic energies per atom in the
range of 130-200 eV. These energy levels exceed the threshold displacement energy (TDE)
for graphite, which is 35 eV.

However, the density of the energy deposited at the impact spot is relatively higher
than that when it was a single PKA; thus, there is a higher chance for the local excavation
of material [53]. Comparably, simulations have shown that cluster—surface collisions lead
to the compression of material at the initial stage of impact and the pressure can locally
rise to a GPa level [54]. Thus, more PKA would relatively lead to a stronger compression
rate and, thus, a larger TDE due to compression strain and, finally, lower FPs, as shown in
modes A and B as compared to mode C (Figure 3a).

Interestingly, the conventionally anticipated cascade from a single 80 keV PKA (Mode
D) yielded the least defects. This can be attributed to the cascade mechanism—initial
collisions might not fully expend the PKA’s energy, causing subsequent collisions to
dissipate more energy as heat, reducing defect formation as the collision process itself is
an instant event and energy will be dissipated at each collision until the PKA atoms stop.
In Figure 4a, Modes A, B, and C exhibit a comparable peak phase diagram, characterized
by an “oblong diamond-like” shape for A and B and a “diamond-like” shape for C. This
configuration indicates that multiple graphite layers are affected: the broadest sections of
the shape correspond to layers subjected to the most PKA energy. For instance, in Mode A,
the widest layer endures the impact of six PKAs, while the topmost and bottommost layers
each experience two PKAs, mirroring the distribution in Mode B. Conversely, Mode C
presents a more condensed diamond-like shape configuration, with the widths of impacted
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layers being more uniform. This likely reduces the melted region, leading to a higher
survival rate of defects when compared to Modes A and B, where a higher likelihood
of reaching melting temperatures promotes greater defect recombination. Mode D, as
depicted in Figure 4a, adheres to the traditional ballistic collision cascade shape, which has
been reported in several works [55,56].
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Figure 3. Delineate the results for regions (a) R1, (b) R2, and (c) R3, respectively, showcasing the
varying number of Frenkel pairs as per the A, B, C, and D modes. Right Bottom Image explanation of
the cascade location on the graphite sample.

Regarding the regions, R1 consistently resulted in more survived defects than R2 or R3
(Figure 3). This phenomenon is attributed to thermal spikes—localized temperature surges
due to energetic PKA collisions. Particularly in concentrated regions like R1, multiple colli-
sions can elevate local temperature significantly, offering two potential outcomes. Firstly,
this heightened temperature can induce atomic mobility, facilitating defect annihilation
or recombination. Secondly, it may prompt increased defect generation due to enhanced
atomic vibrations, leading to a net increase in defects. Figure 4b highlights the isolated
nature of R3, where each PKA event operates independently without overlapping with
other cascade regions. This ensures that there is no compounded effect, in contrast to
the pronounced interactions observed in R1 and, to a lesser extent, in R2. Our research
emphasizes that in graphite, the configuration of collision cascades is influenced not only
by the energy of the PKAs, the directions in which they are displaced, and the PKA atomic
type of the temperature, but also by the distribution of energy and the spatial positioning
of the PKAs. Assessing multiple concurrent collision scenarios provides a more precise
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measure of radiation damage phases compared to examining individual PKA collisions.
This insight lays the foundation for enhancing graphite designs specifically tailored for
radiation environments in real conditions.
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Figure 4. (a) Depicts the collision Modes A, B, C, and D within Region 1 (R1). (b) Illustrates the
regions R1, R2, and R3 specific to Mode A. The figure highlights initial PKA sites, peak numbers of
FPs, and the number of FPs that persisted. SIAs are represented in red, while vacancies are shown

in green.
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3.3. The Local-Environment Classification Scheme for Carbon Atoms Rings in Irradiated Graphite

In graphite systems, it is common to characterize atoms based on their coordination,
which is generally believed to correspond to sp, sp?, and sp® hybridization, indicating
two, three, and four neighboring atoms, respectively [57]. Nevertheless, observation of
electron-energy-loss-spectra data for irradiated graphite has underscored the significance
of categorizing threefold-coordinated atoms into four subtypes [58]. The classification
of these subtypes depends on the immediate surroundings such as the coordination of
second neighbors, involvement in aromatic rings, and so forth. In this work, we adopt the
main four categorizations with slightly different nomenclature than described originally in
this work [59]. Figure 5a depicts the atom-type composition of the four structural models,
showcasing the impact of increased PKA energy and disorder. The proportion of C3-Alpha
atoms (indicated by Violet color) exhibits a steady decline within the targeted irradiated
damaged region. In irradiated-graphite models, the C3-Beta atoms (indicated by blue
symbols) are increasing, which refer to sp? atoms belonging to a non-hexagonal ring, and
which are more prevalent than C3-Alpha at 10 keV. The observed radiation damage-induced
defects also include interlayer cross-links, which are known as fourfold-coordinated atoms
(C4; green symbols) that are shown to be more common, especially for 40 keV and 80 keV.
Unsaturated graphene edges (C2 atoms; red symbols) are responsible for the presence of
threefold-coordinated atoms bonded to fourfold- or twofold-coordinated atoms [60]. These
defects play a crucial role in the stability and properties of graphene-related systems [61].
The population statistics of the graphite can be viewed as a continuation of the trends seen
in the other three models (i.e., C3-Alpha, and total threefold-coordinated-atom percentage
decreasing with damage and the percentage of other types increasing) (Figure 5a). The total
threefold-coordinated-atom percentage of graphite is somehow akin to the percentage from
previous EDIP calculations of amorphous carbon [59]. The decrease in C3-Alpha and total
threefold-coordinated atoms is matched to the increased irradiation damage. On the other
hand, the formation of carbon rings of specific sizes is evident, as displayed in Figure 5b.
Predominantly, the 7-carbon atom ring emerges as the most prevalent, with its frequency
intensifying as PKA energy increases. This is followed by the 8-carbon atom ring. On the
contrary, rings comprising five carbon atoms are comparatively infrequent. Notably, at
elevated PKA energies, the incidence of these 5-carbon atom rings begins to diminish.
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Figure 5. (a) Shows four structural patterns in radiation-damaged regions with increasing PKA
energy, distinguished by colors: Violet for C3 alpha (threefold-coordinated carbon atoms adjacent
to a fourfold-coordinated atom), Blue for C3 beta (threefold-coordinated atoms in non-hexagonal
configurations), Red for C2 (twofold-coordinated in sp or sp2-radical forms), and Green for C4
(fourfold-coordinated with sp3 hybridization). (b) Displays rings of sizes 5, 7, and 8 within the
irradiated structures. Each structure averages data from 20 simulations.
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3.4. Cluster Analysis

We explored the cluster details within graphite systems, where in Figures 4b and 6a,
we examine the changes in the average number of interstitial clusters, while Figure 6c,d
focus on vacancy clusters. One clear trend stands out: as PKA energy surges from 10
to 80 keV, there is a commensurate rise in the cluster formation in both materials. The
formation of small clusters dominated by interstitial atoms, termed SIA clusters, is notably
different between the two systems. In pristine graphite, the concentration of these SIA
clusters, specifically in the size range of two to four atoms, is nearly half of what is evident
in the hydride structure. The disparity becomes even more pronounced for clusters larger
than four atoms, where the hydride structure hosts a concentration over six times that of
its pristine graphite. A closer inspection reveals that pristine predominantly favors the
formation of small clusters, typically comprising less than four atoms, be it vacancies or
SIAs. In marked opposition, the hydride variation inclines toward the amalgamation of
more sizable clusters, particularly when the PKA energy surpasses 40 keV. This highlights
a key observation: the hydride structure exhibits a distinctive characteristic of generating
larger cluster formations, whereas pure graphite tends to foster smaller, compact clusters.
Such variances may be attributed to the inherent lattice dynamics and bonding variations
existing between the two materials. The presence of hydrogen may promote the accumula-
tion of defects due to reasons explained in Section 3.1.1, thereby facilitating the formation
of larger cluster formations. Conversely, the closely knit lattice of pristine graphite might
facilitate rapid defect recombination, ultimately leading to the formation of smaller clusters.
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Figure 6. (a) Average number of cluster formations (sizes 2-6 SIAs) at various PKA energy, calculated
as the mean across four displacement directions with standard deviation. Graphs (a,b) show data for
SIA clusters, while (c,d) present vacancy clusters for pristine and hydride structures, respectively.
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Further analysis of the data reveals a notable pattern. In pristine systems, SIA clusters
are about 0.2 times more prevalent than vacancy clusters for sizes exceeding three atoms.
This observation resonates with findings from other crystal studies, such as those conducted
on W-Re [62] and Fe-Cr alloys [63,64]. Yet, this trend takes an unexpected turn for smaller
clusters of size 2 atoms. Here, we observe that vacancy clusters outpace SIAs by a similar
margin, but this reversal is specifically observed when PKA energies spike to as high as
80 keV. Such a phenomenon might be attributed to the stochastic nature of collision dy-
namics at elevated energies such as the focused collision sequence. The average count
of vacancy clusters is relatively lower than SIA clusters, particularly for larger clusters
encompassing four atoms or more. This difference can be linked to the higher formation
energy of a single vacancy in graphite (7.6 eV) compared to the formation energy of an
interstitial atom (6.3 eV) [65]. Specifically, the largest clusters we noticed comprised 30 SIA
and 15 vacancies. Although the latter appeared more frequently, it was significantly rarer
compared to other smaller-sized clusters, like groups of two or three atoms.

Upon transitioning to the hydride configuration, both the SIA and vacancy clusters
exhibit comparable quantities and configurations. The inclusion of H may have an impact
on lattice dynamics, thus creating an environment that facilitates the formation of both types
of clusters similarly, which underscores the fact that even slight compositional alterations
can have on the dynamics of defect formation in graphite.

Furthermore, we observed a distinct concave upward pattern in the formation of
vacancies and SIA clusters in hydride Figures 4b and 6a. When examining the rate of
interstitial cluster formation, we noted that the hydrated structures showed a faster increase
than the pristine graphite structures, especially at higher PKA energies.

3.5. Extra Analysis of Layered Responses to Consecutive Collision Cascades in Graphite

The same PKA was subjected to three consecutive collision events. Each of these
collisions had an energy of 80 keV and spanned over 20 picoseconds for each collision
(60 ps total evolution time). The aftermath of the initial collision saw a formation of
198 defects. This number increased to 364 after the second hit, but intriguingly, the second
collision, in a few ps, caused an astounding rise in FPs again, tallying up to 3890 FPs, though
it later stabilized to a final count of 1300 (Figure 7 and Video S6). The layered structure of
graphite provides an explanation for this behavior. Each layer of graphite, while connected
to the entire structure, reacts somewhat autonomously to external disruptions. Initially, the
collision’s energy concentrates in the middle of the structure. But, with subsequent impacts,
this energy disperses, affecting more layers but with a lessened intensity. It resembles
the ripple effect in water: the initial splash is intense, but as the ripples spread out, they
diminish in strength.

Post the second collision, the rapid changes observed suggest that the layers of graphite
do not operate in isolation. When one-layer experiences a change, it can influence its
neighboring layers, leading to a domino effect throughout the entire structure.

Interestingly, after 10 ps of the third collision, the number of FPs started to decrease.
This suggests that graphite has a natural self-recovery capability. Past studies have also
observed graphite’s ability to restore its structure, especially when subjected to high-
temperature annealing [66,67]. However, it is crucial to note that the graphite still retains
some residual stress [42], which can induce other defects if observed over an extended
period. After experiencing multiple collision events, the graphite’s structure is no longer
pristine. These defects can make the structure more vulnerable to future breakdowns, even
though a significant portion of FPs revert to their initial configuration.

It is noteworthy that irradiated graphite shows a decrease in total threshold displace-
ment energy. For instance, the threshold energy in pristine graphite reduces from 24 eV
to approximately 5 eV in a fully disordered graphite structure [68]. This aligns with our
observation of a larger volume of FPs in hydride compared to pristine graphite. The
accumulation of defects alters the microstructure, diminishing its crystalline nature [69,70],
and fostering cross-links between layers. Such alterations significantly influence physical
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attributes like thermal conductivity [71] and Young’s modulus [58]. Moreover, neutron
irradiation can cause notable size changes in the graphite due to radiation damage accumu-

lation [72].
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Figure 7. Time evolution of Frenkel pairs in graphite during three collision events, each with 80 keV
energy and 20 ps duration. The first region shows the initiation of the primary knock-on atom (PKA)
with 80 keV. The second region, in green, displays multiple peaks, with the highest peak marked by
red circles. The third region is in indigo.

4. Conclusions

Graphite, pivotal in many advanced technologies, exhibits vulnerability to radiation-
induced modifications, especially within nuclear reactors. Employing MD simulations
through the Reactive Empirical Bond Order, we delved into the atomic-level dynamics
of graphite under varied irradiation scenarios, elucidating the implications of hydride
inclusion. Radiation-induced defects in graphite are not merely influenced by differing
PKA energy levels (10, 20, 40, and 80 keV), unique displacement trajectories, PKA species,
or thermal interactions. They also hinge on the nature of the cascade patterns—whether
isolated or cumulative—and collision densities. Empirically, for both graphite structures,
irradiation led to an augmented defect count in the hydride compared to pristine graphite.
However, both variants displayed an escalation in FPs as PKA energy surged. PKA types—
either C or H—had differential impacts, with carbon inducing pronounced effects on FPs
due to its greater momentum. However, hydrogen’s diffusivity varied, especially in the
[0001] displacement direction, resulting in elongated diffusion times, and heightened layer
penetration. Analyzing non-traditional collision modes beyond a standard single collision
revealed that Mode C and the R1 region within the cascade pattern predisposed graphite
to an elevated defect tally, with distinctive defect shapes such as diamond-like and oblong
diamond-like morphologies in distinction to the traditional cluster-like shape as in Mode D.
Our study emphasizes the importance of understanding three-coordinated graphite rings,
with their nuanced atomic behaviors considering escalating PKA energies. The population
statistics of graphite show a decrease in the percentage of threefold-coordinated atoms and
an increase in other types of defects. The formation of carbon rings of specific sizes is also
observed, with 7-carbon atom rings being the most prevalent. From a cluster perspective,
SIA clusters were more prevalent in pristine graphite compared to vacancy clusters, a trend
that was nearly balanced in the hydride version.
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Abstract: Ultrasonic vibration assisted (UVA) plastic forming technology has proven to be a highly
effective processing method, particularly for materials that are challenging to deform. In this research,
UVA tensile tests were carried out on Mgyg5Zng5Y; alloy at different vibration frequencies and
amplitudes. The experimental results indicate that, compared with conventional tensile tests, the
yield strength and tensile strength of Mgyg5Zng5Y; alloy exhibit a decrease. Furthermore, the
application of ultrasonic vibration demonstrates an ability to enhance the material’s elongation and
plasticity. In order to further predict the stress-strain relationship in the metal tensile process, a hybrid
constitutive model coupling the frequency and amplitude of ultrasonic vibration was developed
based on the modified Johnson Cook model. The calculated results of the constitutive equation are in
good agreement with the experimental results, indicating that the established constitutive equation
can accurately predict the trend of alloy stress change at different amplitudes and frequencies.
It establishes a theoretical foundation for scrutinizing the deformation mechanisms of the alloy
under ultrasonic vibration. Furthermore, Abaqus finite element analysis software was employed to
simulate and analyze the UVA tensile process, elucidating the impact of ultrasonic vibration on stress
distribution, strain patterns, and material flow in the tensile behavior of Mgeg 5Zn(5Y; alloys.

Keywords: Mg-Zn-Y alloy; ultrasonic vibration; deformation mechanism; constitutive equation;
simulation analysis

1. Introduction

As a light structural material, magnesium alloy has a very good application prospect
in the automobile, aerospace, national defense, biomedicine and other industries. It should
be noted that the Mg-Zn-Y alloy has generated great interest due to its good combination
of strength and ductility [1,2]. However, the poor formability of magnesium alloys at
room temperature limits their wide application. Such poor formability of Mg alloys
mainly comes from their crystal structure being hcp with a limited number of deformation
systems [3]. The problem concerning how to improve the plastic formability of magnesium
alloys is the key to expand their application range. Previous studies [4] have shown that
although it is a common practice to increase the number of active slip systems by thermal
deformation, there are many shortcomings to this approach. For instance, magnesium
alloy’s low specific heat makes it challenging to maintain a steady temperature during
processing. Additionally, the repeated annealing and high-temperature processing will
result in a complicated forming process and considerable energy usage. As a result, many
researchers are dedicated to developing short and environmentally friendly processing
methods [5,6]. Among them, ultrasonic vibration assisted (UVA) plastic forming technology
is considered as a relatively mature metal forming technology. Following the seminal work
of Blaha and Longenecker [7], which demonstrated the substantial reduction of flow stress
in the tensile testing of single zinc crystals under ultrasonic vibration, a series of studies
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have been conducted to delve into UVA plastic forming and scrutinize the influence of
ultrasonic vibration on material properties. Compared with the traditional forming process,
the superposition of vibration on the die or workpiece can reduce the forming load of the
material, improve the plasticity and fracture limit, and effectively improve the mechanical
properties of the material [8,9]. Ultrasonic vibration, known for its high frequency, rapid
speed, short cycles, user-friendliness, environmental friendliness, and controllability, has
emerged as a highly effective method for surface strengthening and stress relief in various
metal-plastic forming processes. To date, processing technologies such as ultrasonic assisted
drawing [10], ultrasonic assisted extrusion [11] and ultrasonic assisted deep drawing [12]
have been developed. The advantage of UVA plastic deformation of metals is that it cannot
only reduce the forming force of materials and improve the forming quality of materials,
but also reduce the friction between specimens and molds and improve the surface quality
of materials. It can effectively refine the grains [13,14] and promote the dislocation slip [15].
Moreover, the softening effect induced by ultrasonic vibration is not only more efficient,
but also more energy-saving compared to traditional heating-induced softening [16].

Ultrasonic vibration in metal UVA plastic deformations induces two primary effects:
the volume effect [17] and the surface effect [18]. The volume effect primarily signifies
the impact of ultrasonic vibration on physical properties, such as the internal structure of
materials. Meanwhile, the surface effect primarily reflects the influence of friction between
the die and the blank during vibration. Based on various explanations of UVA plastic defor-
mation, many scholars have proposed the constitutive model of metal deformation under
ultrasonic vibration. Yao et al. [19] established acoustic softening and acoustic residual hard-
ening models of aluminum under ultrasonic vibration based on thermal activation model
and dislocation evolution theory in metal plastic deformation, which can accurately predict
the stress-strain relationship of aluminum under high-frequency vibration. Prabhakar [20]
expanded the constitutive model according to the acoustic softening of aluminum alloys
under ultrasonic vibration, and successfully predicted the acoustic softening behavior
of aluminum alloys under different vibration conditions. Sedaghat et al. [21] proposed
a new constitutive model to predict the acoustic plastic behavior of materials based on
the deformation behavior of aluminum alloys under ultrasonic vibration, combined with
the dislocation dynamics and acoustic energy conversion mechanism of materials under
ultrasonic vibration. Meng et al. [22] established the ultrasonic vibration constitutive model
of materials at high temperature according to the plastic deformation behavior of Inconel
718 alloy under ultrasonic vibration and the dislocation evolution theory of materials.
The outcomes reveal that the predicted results align well with the experimental findings,
demonstrating the model’s effectiveness in describing the material’s behavior under these
conditions. Lin et al. [23] established the constitutive relationship of pure titanium under
ultrasonic vibration using the original Johnson cook and its modified model according to
the compression deformation of pure titanium under different strain rates and different
amplitudes. This model can accurately predict the material flow behavior under different
amplitudes and strain rates.

In the present work, the effect of frequencies, amplitudes and strain rates on tensile
properties of Mg-Zn-Y alloy was systematically studied. The stress-strain relationship
of Mg-Zn-Y alloy under different conditions was compared. Additionally, the effect of
ultrasonic vibration on material dislocations and dislocation motion evolution in forming
process were analyzed. As a result, we developed a constitutive model that incorporates
both frequencies and amplitudes to better understand and describe the material’s behavior
under ultrasonic vibration.

2. Experimental Procedures
2.1. Specimen Preparation

The Mgyg5Znp5Y1 alloy used in the experiment was melted by pure magnesium
(99.99 wt%), pure zinc (99.99 wt%) and Mg-25 wt% Y alloy. The alloy is smelted in SXL-
1200 resistance furnace filled with argon. The ingots were homogenized at 500 °C for 16 h
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and then cooled in air. The composition of alloy ingot was measured by X-ray fluorescence
spectrometer. The alloy’s chemical composition is detailed in Table 1. The microstructure
was examined using optical microscopy (OM, Carl Zeiss Axio Observer. 5m) (Carl Zeiss,
Oberkochen, Germany). X-ray diffractometry (XRD) (Shimadzu, Kyoto, Japan) was carried
out in a 6-20 diffractometer Philips 1810 using Cu K« radiation, voltage of 35 kV, and
current of 50 mA. Figure 1 shows the microstructure of the Mgog 5Zng 5Y1 alloy. The average
grain size, as illustrated in Figure 1a, is 146 um. Additionally, Figure 1b indicates that the
primary phase of the Mgog 5Zng5Y; alloy is Mgi,YZn (LPSO).

Table 1. Chemical composition of Mggg 5Zng5Y1 alloy.

Nominal Alloy Actual Composition (at %)
M Zn Y Y/Zn
Meos.5Zn05Y1 955 05 1 2

Figure 1. (a) OM image and (b) XRD pattern of Mggg 5Zng5Y; alloy.

2.2. Experimental Setup
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The UVA tensile test of Mg-Zn-Y alloy was carried out on an EAST testing machine.

The ultrasonic vibration system includes an ultrasonic generator, a sound transducer, and
a horn. The ultrasonic vibration device was installed on the tensile testing machine, as
presented in Figure 2. A 10 mm diameter hole is milled to fix the end of the specimen

by abolt. The other end of the specimen was attached to the lower clamp with bolts.

Throughout the tensile tests, the horn amplified ultrasonic vibration and transmitted
ultrasonic energy to the specimens. The wavelength of the ultrasonic vibration was used to
calculate the length of the horn. Given the limited space available in the test system, the
resonance frequencies were chosen to be 20, 25 and 30 kHz, respectively. The ultrasonic
generator had the capability to adjust the ultrasonic amplitude, directly proportional to the
ultrasonic energy. The sets of experimental parameters are detailed in Table 2.
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Ultrasonic transducer

Specimen

Figure 2. Ultrasonic vibration tensile testing device: (a) UVA tensile test system; (b) ultrasonic

transducer; (c) tensile specimen.

Table 2. Experimental variables and conditions of tensile test.

Category Frequency/kHz Amplitude/pum Strain Rate/s—1

0.001
- - 0.01
No vibration 01

1
Tensile test 0.001

20 kHz/25 kHz /30 kHz 3 um/5 pm/7 pm %011

1

3. Results and Discussion
3.1. Effect of the Ultrasonic Vibration on Flow Stress

The experiments encompass three distinct ultrasonic vibration amplitudes and fre-
quencies, offering a comprehensive exploration of the coupling effects between frequency
and amplitude on the material’s performance. The stress-strain curves for both conven-
tional and UVA tensile tests are illustrated in Figures 3 and 4. From the figures, one can
easily observe that the flow stress falls once ultrasonic vibration is applied. To quantita-
tively assess the impact of vibration amplitude and frequency on flow stress, the yield
stress under various conditions is presented in Table 3. It can be clearly seen that the yield
stress decreases with the increase of the vibration amplitude and frequency. For instance,
the most significant reduction in yield stress is 29.1 MPa when the vibration amplitude
is 7 um, the frequency is 30 kHz, and the stress rate is 0.001 s 1 constituting 19% of the
yield stress.
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Figure 3. Stress-strain curves at different strain rates without vibration.
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Figure 4. Stress-strain curves at different amplitude frequencies when the strain rate is 0.001 s~ !:

(a) 3 pm, (b) 5 pm, (¢) 7 pm.

It can be concluded that the tensile curves under different conditions exhibit almost
the same trend of change. The acoustic softening and stress superposition are the main
reasons for the flow stress reduction [24]. The acoustic softening means that the dislocation
in the alloy will absorb enough acoustic energy through the application of high frequency
ultrasonic vibrations, so that the dislocation is more likely to deviate from its equilibrium
position. Stress superposition refers to the phenomenon where the oscillating stress, which
initially reaches peak levels, is reduced to an average stress due to the elastic deformation
of the specimens. On the other hand, there are lattice defects in the alloy, which are easier
to absorb sound energy [25]. We can infer that the combined impact of the two reasons
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leads to a decrease in tensile stress. From the comparison of the stress-strain diagram, it
can also be concluded that the application of ultrasonic vibration improves the ductility of
the Mg-Zn-Y alloy. It is reported [15] that ultrasonic vibration can promote the slip and
rearrangement of dislocations, which reduces the stacking of dislocations in the alloy and
increases the proportion of dynamic recrystallization, thereby improving the plasticity of
the alloy.

Table 3. Yield stress at different amplitudes and frequency (MPa).

Initial Strain Rate/s—1

Frequency Amplitude 0.001 0.01 o1 "

No vibration — 131.96 145.15 152.16 165.98
3 pm 126.78 137.77 147.55 161.40

20 kHz 5 pm 119.33 131.78 142.80 151.81
7 pm 107.56 119.37 127.68 139.89

3 pm 125.97 134.67 146.35 159.78

25 kHz 5 pm 116.01 128.35 139.89 149.22

7 pm 105.46 116.67 124.87 135.67

3 pm 123.63 132.41 145.76 157.91

30 kHz 5 pm 115.33 125.31 137.24 147.82

7 pm 105.23 115.62 123.02 133.56

3.2. Effects of Ultrasonic Vibration on Microstructure
3.2.1. Microstructure

Figure 5 shows the crystal orientation distribution and the orientation angle distri-
bution of the specimens with different situation. As seen from the images, there is no
significant difference between the grain size and the crystal orientation distribution. It
can be calculated that the average size of the grains is 30 um. The grain size and grain
orientation distribution of alloy are not appreciably altered by ultrasonic vibration. Simulta-
neously, it can be seen from the figure that there are small recrystallized grains and tension
twins in the specimen without UV. It is worth noting that the recrystallization and twining
of the alloy after ultrasonic vibration is not obvious. Namely, after the application of ultra-
sonic vibration, there is a decrease in the quantity of both recrystallized and twinned grains.
By comparing the statistical distribution of orientation angles, it can be easily deduced that
the application of ultrasonic vibration significantly influences the formation of small-angle
grain boundaries during the deformation.

In order to better understand the effect of UV on small-angle grain boundaries, we
compared the composition of small-angle grain boundaries in different states of specimens,
as displayed in Figure 6. By statistics, after tensile deformation, the percentage of small
angle grain boundaries in the specimen is 14.8%. When ultrasonic vibration is applied, the
content of small-angle grain boundaries in the alloy is reduced to 13.2%. This suggests that
ultrasonic vibration contributes to a decrease in the number of small-angle grain boundaries.
As we all know, fewer small-angle grain boundaries indicate lower dislocation density,
which means better plasticity of the material [26]. This phenomenon is consistent with the
softening of the material observed in the previous experiments. In this paper, the acoustic
softening effect is considered as main reason. Ultrasonic vibrations increase the vibrational
energy of atoms, making it easier for crystal defects such as dislocations to be created and
move [15,16]. Ultrasonic vibration enhances the coordination and uniformity of plastic
deformation in the material. The sooner ultrasonic vibration is applied, the less dislocation
entanglement and plugging occur within the material. Consequently, the material exhibits
a weaker hardening tendency in the subsequent molding process, marking the primary
cause of the “acoustic residual softening effect” [27]. A detailed analysis will be conducted
by Section 3.2.2.
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Figure 5. EBSD microstructure and misorientation angle distribution maps of Mg-Zn-Y alloy without
UVA (a,b) with UVA (c¢,d).
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Figure 6. Comparison of average misorientation angle distribution.

KAM (Kernel average misorientation) is a common method to characterize the degree
of plastic deformation of metallic materials by calculating the orientation difference between
the target pixel point and its surrounding pixel points and then determining the average
value of these differences, resulting in the KAM value. The KAM value can qualitatively
reflect the degree of homogenization of plastic deformation. The higher value of the location
indicates a higher degree of plastic deformation or a higher density of defects [28]. Figure 7
depicts the KAM maps of Mg-Zn-Y alloy during tensile deformation at room temperature.
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Figure 7. KAM value distribution map: (a) without UVA; (b) with UVA.

From Figure 7, it can be seen that the KAM values of deformed specimens without vi-
bration are not uniformly distributed. KAM values are generally higher at grain boundaries
and lower within most individual grains. This observation suggests that, in the absence of
vibration, plastic deformation in the material primarily occurs near the grain boundaries,
and not all grains are involved in the deformation. With the application of UV, KAM values
become higher and are uniformly distributed both at grain boundaries and within most
individual grains. This observation signifies that, after introducing ultrasonic vibration,
a greater number of grains participate in the plastic deformation process, leading to a more
even distribution of plastic deformation across different grains. The above-mentioned
difference indicates that ultrasonic vibration can promote grain refinement and grain ro-
tation, thus enhancing the coordination of deformation between grains. In conclusion,
ultrasonic vibration promotes coordinated intra- and intergranular deformation of the ma-
terial, leading to a reduction in deformation resistance and enhanced uniformity, ultimately
improving formability.

3.2.2. Dislocation Structure

In order to better analyze the mechanism of the influence of UV on material dislo-
cations, the bright-fields TEM images were acquired, as shown in Figure 8. Figure 8a
illustrates that in the absence of ultrasonic vibration, the sample exhibits a high dislocation
density with a random and disorderly distribution, resulting in significant dislocation
pile-ups. Figure 8b displays the dislocations within the sample under conditions of 30 kHz
frequency and 7 um amplitude. Notably, the dislocation lines are mostly parallel and ap-
pear to be straight. This results in a more organized and regular distribution of dislocations
in contrast to those observed without UV.

It has been reported that ultrasound energy has a propensity to concentrate on local-
ized dislocations [15]. After the application of UV, these dislocations, which have absorbed
energy, become more mobile and tend to distribute themselves in a more organized and
even manner. This phenomenon subsequently leads to a reduction in dislocation pile-ups,
resulting in a decrease in material strength and an increase in plasticity.

The two primary explanations that can be used to explain the aforementioned phe-
nomena are as follows, as illustrated in Figure 9. The first is the dislocation annihilation
brought on by ultrasonic vibrations, which, as the physical model in Figure 9a illustrates,
reduces the dislocation density. With a review of the reported investigations [29-31], it is
obvious that superimposed ultrasonic vibrations can increase the dislocation mobility. This
phenomenon aids dislocations located near grain boundaries in moving further and propa-
gating over longer distances within the grains. This raises the possibility of dislocations
with opposing signals coming into contact with one another, which could ultimately lead
to dislocation annihilation.
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Figure 8. Dislocation distribution of tensile samples without and with ultrasonic vibration:
(a) without UVA; (b) 30 kHz, 7 um.
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Figure 9. Physical model for micro mechanism in acoustic residual softening: (a) Dislocation annihi-
lation; (b) LAGBs transformed to HAGBs.

Another reason is the enhancement of lattice rotation brought about by ultrasonic
vibrations, which causes the LAGBs to become HAGBs, as depicted in Figure 9b. This was
also found in Deng’s study [32]. When ultrasonic oscillations are applied, dislocations with
the same signal are dispersed and moved until they aggregate along the LAGBs, leading
to stronger dislocation walls. In this case, lattice rotation is more likely to occur due to
the coupling effect of strain and ultrasonic oscillation stresses. This offers a reasonable
explanation for the notable decline in the percentage of LAGBs in the presence of ultrasonic
vibration, as shown in Figure 6.

It is reported that during ultrasound-assisted vibratory processing, energy is mainly
absorbed by defective locations such as dislocations and vacancies within the material [25].
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This absorption results in the contraction of extended dislocations, allowing helical dis-
locations to cross-slip without the need for thermal activation [33]. In contrast, during
thermoforming, thermal energy is uniformly absorbed throughout the entire specimen re-
gion. Consequently, the efficiency of acoustic softening is remarkably higher, approximately
107 times more effective than thermal softening [34]. Crystal defects such as dislocations
can absorb energy during vibration loading and promote dislocation movement, thus
causing a decrease in stress. These microscopic observations offer valuable insights into
the mechanisms behind the phenomenon of vibration-induced softening. Nevertheless, it’s
important to note that the vibration-induced softening effect is temporary and vanishes
once the vibration is removed. Additionally, it is challenging to observe the vibration-
induced softening phenomenon in situ. This inherent transience and difficulty in real-time
observation are the primary reasons why a unified theory explaining the mechanism of
vibration-induced softening has remained elusive for an extended period.

3.2.3. Fracture Morphology

The fracture morphology without UV is presented in Figure 10a. This fracture mor-
phology reveals that the wedge-shaped edge is flat and sharp, and the two material parts
separate smoothly during the final stages of the fracture. With the application of ultra-
sonic vibration (UV), as evident in Figure 10a, the fracture surface appears rough and
irregular, and there is an absence of a distinct wedge-shaped edge. The fracture surface
is mainly composed of some irregularly shaped fiber zone contours, especially when the
grain size is larger. In this case, the width of the fiber zone is notably wider. This phe-
nomenon indicates that after loading ultrasonic vibration, the material undergoes a violent
deformation at the fracture separation stage. After necking, there is a rapid reduction
in the local cross-sectional area of the specimen. This reduction leads to an increase in
the energy density of ultrasonic vibration per unit volume in this particular region. The
repeated loading and unloading at high intensity prevent the material from undergoing a
smooth separation process, ultimately resulting in the formation of complex and irregular
fracture morphologies.

7

SEM MAG: 2.00 kx WD: 15.15 mm il

View field: 138 ym Det: SE

SEM MAG: 2.00 kx WD: 14.79 mm
View field: 138 ym Det: SE

Figure 10. Fracture morphology of tensile samples without and with ultrasonic vibration: (a) without
UVA; (b) 30 kHz, 7 um.

By comparing the fracture morphology, we can also determine that a large number of
dimples appear in the fracture without UV. However, when the UV is applied, the number
of dimples decreases. This is mainly due to the fact that when the ultrasonic vibration is
applied, the ultrasonic energy impacts defects such as grain boundaries, thereby relieving
dislocation blockages. This is less conducive to the initiation and growth of voids, resulting
in a reduced number of dimples. It should be noted in particular that, with the application
of UV, there is a decrease in the presence of tear ridges on the fracture surface, and the
size and depth of the dimples increase. This observation is indicative of the high ductility
of the material. The analysis of the fracture morphology aligns well with the statistical
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results of elongation, confirming the material’s enhanced ductility under the influence of
ultrasonic vibration.

4. Discussion

The above experimental results describe the influence of parameters, such as vibration
frequencies, amplitudes, and strain rates, on the microstructure and mechanical properties
of Mgog5Zn(5Y; alloy, giving us a good basis for modeling. In this section, the constitu-
tive equation of Mgog5Zng5Y; alloy under ultrasonic vibration is established using the
Johnson-Cook and its modified model. It's worth noting that the frequency and amplitude
parameters were introduced to modify the model. The resulting constitutive equation
for Mgog 5Zn05Y1 alloy effectively captures the plastic deformation characteristics under
ultrasonic vibration. This equation aligns well with the observed plastic deformation
behavior of Mggg 5Zn(5Y1 alloy when subjected to ultrasonic vibration.

4.1. Johnson—Cook Model of Mgog 5210 5Y1 Alloy without Vibration

The Johnson-Cook (JC) model is an empirical metal constitutive model proposed by
Johnson and Cook in 1983 [35]. Due to its simple formula and high prediction accuracy, the
JC model has become one of the most widely used flow stress models. By coupling metal
strain hardening, strain rate, and thermal softening, the model can effectively predict the
metal stress-strain relationship at different strain rates and temperatures. The original JC
model can be described as,

o= (A—i—Bs”)(l—f—Cln;)(l—T*’") 1)
0

where ¢ is the equivalent flow stress and A is the yield stress at the reference strain rate,
indicating the stress resistance to micro plastic deformation. B is the coefficient of strain-
hardening, ¢ is the equivalent plastic strain; and n represents the strain-hardening exponent,
describing the strain hardening behavior. C is the coefficient of strain-rate hardening,
which reflects the sensitivity of material to strain rate. ¢ and ¢y are the strain rate and
strain rate reference, respectively. T refers to the homogenization temperature; m is the
thermal softening index of the material. To enhance the prediction of material properties
for magnesium alloys and address the significant deviation in the traditional JC model
in describing stress-strain behavior, we incorporated an improved J-C model [23]. This
improved model includes a quadratic term of strain and considers the coupling effect of
temperature and strain rate on the flow behaviors. With these enhancements, we aim to
achieve more accurate and reliable predictions for the material’s response under different
conditions. Given that the experiment is conducted at room temperature, the tempera-
ture component is omitted from the model. The improved J-C model can be expressed
as follows: .

o= [A + Bie+ Bye? + Bgsﬂ (1 + cmf) ?)

0

where B1, By, and Bj are the strain-hardening coefficients. C is the strain rate hardening
factor. The remaining parameter definitions are consistent with the original J-C model. The
values of the above parameters need to be determined in combination with experimental
data. In this study, the reference strain rate is taken as the minimum value of 0.001 s~!, and
the improved J-C model can be written as follows:

o= [A 1 Bye + Bye® + By G)
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By fitting the stress-strain curves under the reference strain rate, as shown in Figure 11,
the values of A, By, By, and B3 can be obtained as 110.18 MPa, 521.72 MPa, —1659.45 MPa
and 1561.44 MPa, respectively. Equation (2) can be transformed into:

€
o=C. (A + Bie+ By + B3e3) Ins o+ (A + Bie + By + 3353) @)
€0
190 | | Equation y = Intercept + Bixx + B2xx? + Bsxx®
Intercept 109.88292 + 1.56126
180 L Bl 524.98055 + 21.64229
B2 —1669.92503 + 91.96929
B3 1571.23658 + 121.80562
170 | | R-squared 0.99094
160+
£
S 150
N
o
140
130
120+ = Experimental data
Fitted curve
110
0.10 0.15 0.20 0.25 0.30 0.35 0.40

€

Figure 11. Fitting results of o and ¢ for Mg-Zn-Y alloy without UVA tensile test.

Combining formula (4) and experimental data, the values of different strain rates
under certain strains can be obtained. In order to determine the value of the strain rate
coefficient C, in this experiment, the strain is set in the range of 0.1-0.4, and the strain
increment is 0.05. The formula o—Ine/ € is linearly fitted to obtain the slope of In¢ /€y, which
is C (A + Bie + Bye? + B3¢®). The fitting results are shown in Figure 12. The constitutive
equation of the Mg-Zn-Y alloy without vibration, based on the average value of the seven
different C values (calculated to be 0.0287), can be expressed as follows:

o= [110.18 +521.72¢ — 1659.45¢2 + 1561.4453] (1 4 0.0287ln_£> )
€

190+

180+

= g=04

140 L 1 1 1 1 L 1 1
Ine/g,

Figure 12. Fitting results of o and Ine/¢gy of Mg-Zn-Y alloy without UVA.
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4.2. Johnson—Cook Model of Mgog 5Zn¢5Y1 Alloy with Vibration

According to the tensile curves of Mg-Zn-Y alloys under different vibration conditions,
the values of parameters under different amplitudes and frequencies were obtained using
the experimental method described in Section 4.1. The results are shown in Tables 4-6:

Table 4. Material constants in the modified JC model at 20 kHz.

Amplitude/um A/MPa B1/MPa B2/MPa B3/MPa C
0 110.18 521.72 —1659.45 1561.44 0.0287
3 113.98 624.06 —1764.68 2304.7 0.0296
5 70.22 817.34 —2957.88 3085.99 0.0338
7 60.34 736.83 —2587.12 2721.06 0.0362

Table 5. Material constants in the modified JC model at 25 kHz.

Amplitude/pm A/MPa B1/MPa B2/MPa B3/MPa C
0 110.18 521.72 —1659.45 1561.44 0.0287
3 99.94 483.64 —1411.37 1100.37 0.0302
5 71.04 756.17 —2661.68 2678.3 0.0337
7 54.51 805.57 —2931.22 3209.02 0.0371

Table 6. Material constants in the modified JC model at 30 kHz.

Amplitude/pm A/MPa B1/MPa B2/MPa B3/MPa C
0 124.43 160.91 —778.08 730.22 0.082
3 87.35 651.5 —2209.28 2576.18 0.031
5 69.99 739.15 —2591.32 2611.52 0.0343
7 59.29 691.36 —2414.21 2437.48 0.0384

In this study, the constitutive model of Mg-Zn-Y alloy under vibration conditions
is established according to the material parameter values under different frequency and
amplitude conditions. In order to demonstrate the impact of the amplitude on the material
constants, the subscripts ‘0" and ‘v’ are used to indicate the separation and recording of
the material constants with and without oscillation, respectively. Thus, the Ao, By, By,
and B3 and C represent the parameter values with no vibration. Concurrently, the Ay,
Byy, Bay, Bsy, and Cy represent the parameter values with vibration. The variation of
Ao/Av, B1o/B1, Bayw/Ba, B3y/Bs, and C,/Cy with amplitude can be computed and plotted
in Figures 13 and 14.
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Figure 13. Influence of the amplitude on the parameter ratio at 20 kHz: (a) Ag/Ay, (b) Co/Co.
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Figure 14. Influence of the amplitude on the parameter ratio at 20 kHz: (a) B1,/B1, (b) Byy/Ba,

(¢) B3y/B3.

Figures 13 and 14 depict the amplitude-based trends for Ay/Av, Co/Co, B14/B1, B2y/Ba,
and Bj,/B3 in sequential order. Notably, the ratio increases with higher vibration amplitudes.
Based on the variation of material parameter values and amplitude shown in the figures,
we propose the relations (6)—(10). Here, ‘a’ represents the amplitude parameter, while the
coefficients K, H, and L are derived from the calculation results. The fitting curves in red
on Figures 13 and 14 illustrate the outcomes of the fitting process, and the corresponding
parameter values are presented in Table 7.

Ao/ Ay = Kia* + Ha + Ly (6)

B1,/B1 = Kaa + Ly ()

Bay/By = Kza + L (8)

B3y/B3 = Kya + Ly )

Cy/Cy =Ksa+ Ls (10)

Table 7. Values of the material parameters at 20, 25 and 30 kHz after fitting.
f/kHZ K1 Kz K3 K4 K5 H Ll L2 L3 L4 L5

20 -0.02 0.07 0.10 0.12 0.04 0.02 0.97 1.03 0.97 1.08 0.97
25 —-0.03 0.08 0.11 0.14 0.04 0.03 0.98 1.00 0.97 1.05 0.97
30 0.008 0.05 0.07 0.08 0.04 0.07 0.99 1.05 1.07 1.17 0.97
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{ 110.18
o=

g

o

According to the calculation results in Table 7, the relationship equation for the
variation of material parameters with amplitude at 20 kHz frequency can be derived as
shown in Equation (11):

—0.024% + 0.024 + 0.97

Using the same method described above, we can derive the vibrational equations

of Mg-Zn-Y alloy under the 25 kHz and 30 kHz frequency conditions, as illustrated in
Equations (12) and (13).

110.18

|
|

—0.084% + 0.03a + 0.98

110.18
0.0084% + 0.07a 4 0.99

By comparing Equations (11)—(13), it becomes evident that the parameters of the mate-
rial’s vibration constitutive equation undergo changes at different frequencies. Nonetheless,
it is a common practice in academic research to concentrate primarily on constitutive equa-
tions at a single, specific frequency, with limited exploration of variations in frequency.
The calculations presented above clearly demonstrate that changes in vibration frequen-
cies have a substantial impact on the parameters of the vibration equation. Therefore, it
becomes imperative to consider the influence of frequency and amplitude on the consti-
tutive equation’s parameters for ultrasonic vibration. Notably, the strain rate hardening
coefficient remains almost entirely unaffected by the vibration frequency, as evidenced by
Equations (11)—(13).

Referring to the literature, it is known that the acoustic energy density in the sample
can be calculated using the formula E = a?(27tf)*p/2 [36,37]. Additionally, Longenecker’s
research revealed that the reduction of metal stress under ultrasonic vibration is propor-
tional to the input of sound energy [25]. Building on this understanding, we assume
that the material’s flow stress reduction under ultrasonic vibration is proportional to the
product of vibration amplitude squared and frequency squared, denoted as a?f2. Con-
sequently, new parameter relationship Equations (14)—(17) are proposed accordingly. In
Equations (14)-(17), a and f represent the amplitude and frequency of ultrasonic vibration,
respectively. D, E, G, and I represent the coefficients of the parameter relational equation.
By combining this information with the data presented in Tables 4-6, the results of the
coupling between frequency and amplitude are depicted in in Table 8.

Ag/ Ay = D1a*f? + Dya+ D3f + Dy (14)
B1y/B1 = E1a+ Eof + E3 (15)
Byy/By = Gia+ Gof + G3 (16)

Bsy/Bs=lLa+ Lf + 13 (17)

Table 8. Parameter values after fitting the amplitude and frequency.

Ag/Ay B1v/By Byy/B, B3y/Bs
D1 1.8 x 1075 El 0.07 Gl 0.1 Il 0.12
D2 0.083 E2 —0.005 G2 —0.001 2 —0.007
D3 —0.004
D1 103 E3 1.14 G3 1.04 I3 1.29

Based on the fitting results presented in Table 8, the constitutive equation of the
Mg-Zn-Y alloy under ultrasonic vibration is ultimately determined as follows:
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o= [ 110.18 + (36.52a — 2.61f +594.76)¢ — (165.95a — 1.66 f + 1725.83)¢>

1.8x10~2a2f240.0830—0.004f+1.03 (18)
+(187.32a — 10.93f + 2013.69)33} [1 + (0.0011a +8.61 x 107°f + 0.025)1;1.&}
€0

4.3. Verification of the Constitutive Equations

After establishing the ultrasonic vibration constitutive model at the reference tem-
perature, we conducted an evaluation of the material fluidity prediction for the Mg-Zn-Y
alloy. The results of this evaluation are depicted in Figure 15a. Evidently, the predicted
values from the constitutive model align well with the data obtained from experimental
measurements. In order to further compare the accuracy of the model to predict material
flow, the maximum error between the predicted stress value Ty and the measured value o,
can be expressed as:

0y — 0,
Error rate = M x 100%
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Figure 15. The error between the experimental value and the predicted value: (a) 3 um, (b) 20 kHz,
(c) 25 kHz, (d) 30 kHz.

After calculation, the error rate between the improved models ¢, and o, are shown in
Figure 15b—d. It is evident from the results that the flow stress estimate has a maximum
error of only 2.62. In addition, when compared to the original and modified Johnson-Cook
models, the improved model offers a more precise estimation of the flow behavior. These
results demonstrate that the enhanced Johnson-Cook model presented in this work is
appropriate for modeling the Mg-Zn-Y alloys’ tensile behavior.

By combining the experimental findings mentioned above, it’s apparent that the
improved Johnson-Cook’s model performs significantly better at predicting the material
flow behavior of Mg-Zn-Y alloys under typical tensile conditions. This model exhibits
a significant degree of concordance with the experimental results, particularly when it
comes to predicting the stress-strain curves of the constitutive equation for Mg-Zn-Y alloys.
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5. Finite Element Simulation
5.1. Effect of Ultrasonic Vibration on Stress-Strain Distribution during the Tensile Process

Finite element analysis serves as a potent tool for investigating the plastic forming
process of metals. To gain a more profound understanding of the deformation mechanism
of Mg-Zn-Y alloy under the influence of ultrasonic vibration, finite element simulations
were conducted for both conventional tensile tests and ultrasonic vibration-assisted tensile
tests using Abaqus software. In this study, discrete rigid body modeling was employed
for the tensile fixture part, and reference points were strategically placed to facilitate the
application of boundary conditions. The grid of the tensile specimen part was configured
as C3D8R, as depicted in Figure 16. Accounting for the influence of strain rate on stress,
the tensile rate was set to 0.001 s~!. Additionally, the frequency was set to 20 kHz and
30 kHz, while the amplitude was varied between 0 pm, 3 um, 5 pm, and 7 um.

Figure 16. Finite element model of UVA tensile test.

Figures 17 and 18 present a cloud diagram illustrating the stress-strain distribution of
the specimen during the stretching process at various amplitude frequencies. In comparison
to conventional tensile tests, the introduction of ultrasonic vibration leads to a reduction in
the flow stress of the metal material. Importantly, the extent of this reduction is directly
correlated with the amplitude of the applied ultrasonic vibration, with larger amplitudes
resulting in more substantial reductions in flow stress. Figure 18 displays the magnitude
distribution of strain under various amplitude frequency conditions. It is evident that after
applying ultrasonic vibration, the maximum strain of the specimen increases with higher
frequencies, while variations in amplitude have a relatively smaller impact on strain.
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Figure 17. Stress distribution of tensile specimens at different amplitude and frequencies: (a—d) 20 kHz,

(e-h) 30 kHz.
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Figure 18. Strain distribution of tensile specimens at different amplitude and frequencies: (a—d) 20 kHz,
(e-h) 30 kHz.

5.2. Effect of Ultrasonic Vibration on Material Flow Behavior

Figure 19 depict the velocity distribution fields of Mg-Zn-Y alloy specimens under
various conditions. Given the immobility of the specimen’s bottom during conventional
stretching, the velocity at the base remains at zero. However, the material within the
stretched portion of the specimen undergoes flow in tandem with the stretching process.
After applying ultrasonic vibration, the material’s flow velocity undergoes significant
transformation. Notably, the flow velocity’s direction no longer aligns with the tensile
direction; instead, in certain material sections, the flow velocity opposes the tensile direction.
By comparing the velocity clouds, it becomes evident that the maximum flow velocity of
the material is shifted from the upper part to the main deformed part in the middle of the
specimen. Given that vibration primarily demonstrates stress superposition effects within
finite element analysis, the vibration frequency exerts a relatively minor influence on stress.
However, altering the frequency can induce shifts in material flow velocity. Notably, the
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figure highlights that an increase in frequency corresponds to an elevation in the material’s

maximum flow velocity.
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Figure 19. Velocity field distribution of tensile specimen under different conditions: (a-d) 20 kHz,

(eh) 30 kHz.

As depicted in Figure 19, with an amplitude of 5 um, the maximum flow velocity
experiences an upsurge as the frequency increases. Remarkably, the material attains a peak
flow velocity of 1216 mm-s~! at 30 kHz. Similar to amplitude, frequency incites only
an instantaneous rate alteration, resulting in a relatively minor shift in the average flow
rate throughout the deformation process.

6. Conclusions

Ultrasonic vibration assisted tension was performed on Mg-Zn-Y alloy. The me-
chanical behavior and microstructure evolution of the sheet at different amplitudes and
frequencies were examined. The constitutive equation of Mg-Zn-Y alloy under tension
with vibration is constructed using the modified JC model. Based on the experimental

results, the following conclusions can be drawn:

(1) In the ultrasonic vibration stretching process, both the amplitude and frequency of
vibration affected the flow behavior of Mggg5Zng5Y; alloy during the stretching
process. The acoustic softening effect caused by ultrasonic vibration is gradually
obvious with the increase of amplitude. A comparison of the stress-strain curves
at various frequencies and amplitudes leads to the conclusion that amplitude has
a more significant effect on the flow stresses of Mgog 5Zn(5Y1 alloy when compared

to vibration frequency.

(2) A hybrid constitutive model coupling the frequency and amplitude of ultrasonic
vibration is developed based on the modified Johnson Cook model. Comparing to
the measured stress, it is evident that the proposed Johnson-Cook model aligns well
with the experimental data, exhibiting a maximum error in the flow stress estimate of
only 2.62. That indicates the proposed JC model is very suitable for the flow behavior
prediction of Mgog 5Zn(5Y; alloy with and without UV.
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(3) The finite element analysis results show that ultrasonic vibration has a great influence
on the stress-strain distribution in the stretching process. There is great potential in
applying vibration-assisted ultrasonic vibration methods to the thermal processing
of magnesium alloys. Examples of such applications include vibration-assisted addi-
tive manufacturing and vibration-assisted stamping. It can effectively improve the
formability of magnesium alloy and improve the quality of formed parts.
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