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Leticia Verónica Jiménez-Rojas, Rodrigo Correa-Prado, Edith Lara-Carrillo, et al.

The Growth-Inhibitory Effect of Glass Ionomer Liners Reinforced with Fluoride-Modified
Nanotubes
Reprinted from: Inorganics 2025, 13, 190, https://doi.org/10.3390/inorganics13060190 . . . . . . 5

Xin Xiao, Sen Sun, Wei Jiang, Xiaoling Qin, Qinxin Liu and Yuanxia Lao

Nanocrystalline–Amorphous Transition in ZrN Nanofilms Induced by Helium Accumulation at
Grain Boundaries
Reprinted from: Inorganics 2025, 13, 158, https://doi.org/10.3390/inorganics13050158 . . . . . . 19

Nicolás Amigo, Javier Wachter and Pablo Leiva-Pavés

Impact-Induced Plastic Deformation in CuZr Metallic Glass and MG/Cu Composites
Reprinted from: Inorganics 2025, 13, 141, https://doi.org/10.3390/inorganics13050141 . . . . . . 31

Oscar Velandia, Alfonso Torres, Alfredo Morales, Luis Hernández, Alberto Luna, Karim Monfil,

et al.

Uncooled Microbolometers Based on Nitrogen-Doped Hydrogenated Amorphous Silicon-Germanium
(a-SiGe:H,N)
Reprinted from: Inorganics 2025, 13, 126, https://doi.org/10.3390/inorganics13040126 . . . . . . 45

Long Jiang, Xueru Fan, Qiang Li, Xin Li, Tao Jiang and Qin Wei

Enhanced Antimicrobial and Biomedical Properties of Fe-Based Bulk Metallic Glasses Through
Ag Addition
Reprinted from: Inorganics 2025, 13, 105, https://doi.org/10.3390/inorganics13040105 . . . . . . 58

Juan R. Ramos-Serrano, Yasuhiro Matsumoto, Alejandro Ávila, Gabriel Romero, Maricela
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Preface

The rapid development of amorphous materials has become one of the most dynamic directions in

contemporary materials science. Distinguished by the absence of long-range atomic order, amorphous

materials exhibit a combination of mechanical, chemical, optical, and functional properties that are

difficult to achieve in crystalline systems. These characteristics have driven their increasing importance

in fields such as energy storage and conversion, optoelectronics, environmental technologies, and

biomedicine.

The motivation for compiling this Reprint arises from the growing need to consolidate recent

scientific advances and to provide a coherent perspective on how experimental techniques, theoretical

analysis, and computational methods are jointly advancing the understanding and application of

inorganic amorphous materials. Significant progress has been made in synthesis strategies, advanced

characterization, and modeling approaches, including multiscale simulation and data-driven design,

yet the field remains highly interdisciplinary and rapidly evolving.

This Reprint is intended to serve researchers, engineers, and graduate students working in

materials science, physics, chemistry, and related engineering disciplines. By bringing together

representative studies and critical insights, it aims to support knowledge exchange, stimulate

cross-disciplinary collaboration, and provide a reference framework for future research and

technological development in amorphous materials.

Pengwei Li and Yanfei Zhang

Guest Editors
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Editorial

Recent Research on the Applications of Amorphous Materials

Pengwei Li

College of Materials Science and Chemical Engineering, Harbin Engineering University, Harbin 150010, China;
pengweili2024@hrbeu.edu.cn

Inorganic amorphous materials continue to play a foundational role in modern ma-
terials science, enabling advances in photonics, catalysis, electronics, energy storage, and
biomedical technologies. Their unique properties arise from the absence of long-range
order, the presence of flexible bonding environments, and the ability to tailor defect popu-
lations, which together enable mechanical resilience, optical tunability, chemical stability,
and multifunctionality. Recent progress in their synthesis and in situ characterization has
deepened our understanding of amorphous structures and property relationships, as well
as facilitating breakthroughs in metallic glasses, oxide glasses, amorphous semiconductors,
and functional thin films [1–3].

This Special Issue of Inorganics highlights representative advances across amorphous
and inorganic material systems, illustrating how compositional tuning, structural engineer-
ing, and defect modulation synergistically enable performance improvements in electronics,
energy devices, dental materials, and radiation-resistant systems.

Metallic glasses (MGs) remain a central topic in amorphous materials research due
to their high strength, extended elastic limit, and corrosion resistance. Over the past
decade, deep insights have been gained into their glass transition behavior, deformation
mechanisms, and structural relaxation dynamics [1,2]. Feng et al. provide a comprehensive
review of amorphous alloy development, covering formation mechanisms, atomic packing,
and emerging applications from aerospace components to catalysis [4]. Their assessment
resonates with broader theoretical frameworks on metallic glass processing and glass-
forming ability [3,5].

Amigo et al. investigate the dynamic plasticity of CuZr MG/Cu composites under
high-velocity impact, showing that crystalline inclusions facilitate shear-band multiplica-
tion and energy dissipation [6]. These findings complement atomistic analyses of mechan-
ical instability and shear-transformation-zone (STZ) activation in amorphous alloys [7].
Additionally, Jiang et al. demonstrate that minor Ag additions greatly enhance the cor-
rosion resistance and antibacterial properties of Fe-based bulk metallic glasses (BMGs)
while maintaining structural integrity and biocompatibility [8], consistent with studies on
micro-patterning and surface modification of BMGs for biomedical applications [9].

Functional inorganic glasses remain indispensable in photonics, ionics, and optoelec-
tronics. Vijayalakshmi et al. reveal strong NIR emission and tunable dielectric behavior in
Ni2+-activated PbO–GeO2 glasses, demonstrating their potential for solid electrolytes and
nonlinear photonic components [10]. These findings align with recent efforts to develop
multi-component glass systems with controlled phase separation, enhanced stability, and
tailored optical transitions [3,11–14].

Deng et al. highlight an amorphous phase separation (APS) engineering strategy
that suppresses crystallization in SiO2–Al2O3–P2O5–Li2O–ZrO2 glass systems [15]. Their

Inorganics 2025, 13, 379 https://doi.org/10.3390/inorganics131203791
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approach echoes broader interest in leveraging nanoscale heterogeneity to enhance glass
stability and mechanical strength [12,13].

In amorphous semiconductor systems, Ramos-Serrano et al. analyze SiOxCy:H films
produced via HW-CVD, demonstrating how oxygen-deficient centers and band-tail states
govern photoluminescence behavior [16]. These results complement major developments
in amorphous oxide semiconductors (AOS), such as IGZO and related high-mobility amor-
phous oxides used in next-generation thin-film transistors [17,18], as well as chalcogenide-
based amorphous photonic materials for broadband optical modulation [19].

Velandia et al. report high-responsivity microbolometers based on nitrogen-doped
amorphous SiGe:H,N frameworks [20], contributing to the growing interest in amorphous
semiconductors for low-cost IR sensing and flexible electronics [21].

Understanding amorphization under extreme environments is vital for nuclear mate-
rials, space technology, and semiconductor reliability. Xiao et al. demonstrate that helium
implantation induces nanocrystalline-to-amorphous transitions in ZrN thin films, with He
atoms segregating along grain boundaries to initiate structural collapse [22]. Their atomic-
level insights complement theoretical analyses of irradiation-induced amorphization, defect
accumulation, and bubble evolution in ceramic and metallic systems [23–25].

These studies underscore the broader importance of interface-dominated amorphiza-
tion, grain-boundary instability, and defect-driven phase transitions in nanoscale materials,
as highlighted in recent reviews on radiation effects in oxides and carbides [23,24].

Dental and biomedical inorganic materials represent another area of rapid progress.
Chen et al. review calcium-based remineralization systems (e.g., hydroxyapatite, α/β-TCP,
and CPP-ACP), highlighting their antibacterial action and regenerative potential [26]. Their
formulations align with recent developments in bioactive glass systems that promote ion
release, pH regulation, and enamel regeneration [19,27].

De et al. report fluoride-modified nanotube-reinforced glass ionomer liners with
improved antibacterial properties against S. mutans [28]. These findings echo parallel
advances in inorganic antimicrobial coatings and hybrid calcium-phosphate materials for
dental preservation [29,30].

Further, the work on Ag-modified Fe-based BMGs by Jiang et al. [8] complements the
broader research trend of designing amorphous metallic biomaterials with controlled ion
release, enhanced corrosion resistance, and multifunctional antibacterial behavior [30,31].

Amorphous materials have emerged as promising candidates for electrochemical
energy storage and catalysis due to their abundant active sites and flexible coordination
environments. Amorphous oxides and hydroxides have shown excellent performance in
supercapacitors, electrocatalytic water splitting, and lithium storage [31–33]. These works
provide a complementary backdrop to the functional amorphous materials featured in this
Special Issue, expanding the design space for sustainable energy devices.

Together, the contributions in this Special Issue reflect the breadth, depth, and growing
sophistication of amorphous materials research. From metallic glasses and radiation-
resistant ceramics to photonic glasses and dental materials, the field is being reshaped
by multi-scale modeling, high-throughput synthesis, machine-learning-assisted design,
and advanced in situ characterization [34]. Future progress will depend on understand-
ing atomic-scale features—short-range order, bonding configurations, defect motifs, and
integrating them with macroscopic performance requirements to develop robust, sustain-
able, high-performance amorphous systems across structural, photonic, biomedical, and
energy applications.

As Guest Editors, we sincerely thank all authors and reviewers whose work made
this Special Issue possible. We also extend our appreciation to the editorial team of Inor-
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ganics for their continued support in promoting advances in inorganic and amorphous
materials science.
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Article

The Growth-Inhibitory Effect of Glass Ionomer Liners
Reinforced with Fluoride-Modified Nanotubes

Ricardo De Jesús-Pascual 1, Elias Nahum Salmerón-Valdés 1,*, Adriana Alejandra Morales-Valenzuela 1,

Leticia Verónica Jiménez-Rojas 2, Rodrigo Correa-Prado 3, Edith Lara-Carrillo 1, Víctor Hugo Toral-Rizo 1,

Osmar Alejandro Chanes-Cuevas 4, Ulises Velázquez-Enríquez 1, Raúl Alberto Morales-Luckie 5 and

Javier Jaramillo-García 1

1 Center for Research and Advanced Studies in Dentistry, School of Dentistry, Autonomous University of
Mexico State, Toluca 50000, Estado de Mexico, Mexico

2 Infectious Diseases Research Unit, Hospital Infantil de Mexico Federico Gómez, Mexico City 06720, Mexico
3 Tissue Bioengineering Laboratory, Postgraduate Studies and Research Division, Faculty of Dentistry, National

Autonomous University of Mexico, Mexico City 04510, Mexico
4 Dental Biomaterials Laboratory, Postgraduate Division, Dental School, National Autonomous University of

Mexico, Mexico City 04510, Mexico
5 Joint Research Center for Sustainable Chemistry, UAEM-UNAM, Toluca 50200, Estado de Mexico, Mexico
* Correspondence: salmeron81@hotmail.es

Abstract: The aim of this research was to compare the growth-inhibitory effect of halloysite-
based nanotubes preloaded with sodium fluoride incorporated into two commercial glass
ionomers (Vitrebond 3MTM and Ionobond VOCO) for indirect pulp capping. Methods:
Sixty samples were prepared and were distributed into two control groups, two positive
control groups and two experimental groups. A total of 10% of the total weight of ionomer
powder required to prepare each sample was replaced with nanotubes that had been
preloaded at 2000 parts per million (minimum inhibitory dose for Streptococcus mutans
established in this study using the McFarland index). The growth-inhibitory effect was
determined by placing the samples in Petri dishes inoculated with S. mutans for 24 h at
37 ◦C. Results: Regarding the control groups, only Vitrebond demonstrated a growth
inhibition zone; both experimental groups showed an inhibitory effect, and statistical
differences were observed when the experimental Ionobond group and control groups
were compared. Conclusions: The ionomers reinforced with fluorine-modified nanotubes
showed an adequate inhibitory effect on Streptococcus mutans.

Keywords: glass ionomer cements; fluoride; halloysite; nanotubes; Streptococcus mutans;
antibacterial effect

1. Introduction

The principal challenge of modern restorative dentistry is the protection and preser-
vation of pulpal vitality with the objective to avoid a root canal treatment; in deep caries
lesions, the management includes the removal of damaged tissue and the subsequent
application of a liner of certain biomaterials. Liners are a relatively thin indirect pulp
capping (IPC) that provides a barrier to protect dentin in deep cavity preparations with
proximity to the pulp if no exposure of this tissue is detected [1,2]. They eliminate or
reduce postoperative hypersensitivity in resin-based composite restorations [3]. They are
widely used to provide an adequate biological seal and cariostatic action [4]. Therefore, the

Inorganics 2025, 13, 190 https://doi.org/10.3390/inorganics130601905
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principal objective of any indirect pulp capping procedure is to avoid bacterial filtration
to guarantee the health, vitality and protection of the pulp. Conventional glass ionomer
cements (GICs) are the most used materials for IPC treatments, and they have been shown
to reduce shrinkage stress and the formation of spaces in the dentin/resin adhesive inter-
face [2,5,6]. Glass ionomer-based dental materials exhibit several advantages, the most
significant of which include their fluoride-releasing capacity and biocompatibility with the
dental pulp. Furthermore, these cements demonstrate low cytotoxicity, the ability to form
chemical bonds with dental hard tissues, a coefficient of thermal expansion comparable to
that of natural tooth structures, and bacteriostatic properties [7–11].

On the other hand, some disadvantages like difficult handling, low compressive and
flexural strengths and low fracture resistance have been reported [12]. In recent years,
RMGIC (resin-modified glass ionomer cement) has been developed to eliminate said
disadvantages, and it has been used in IPC treatments [3,13–15].

Previous studies reported that both GICs and RMGICs could stimulate the remineral-
ization of dentin affected by caries and contribute to the prevention of secondary caries,
which is considered the main cause of failure of resin-based restorations [16,17]. The bac-
teriostatic function of glass ionomer has been attributed to the fluoride release ability of
this material.

Fluoride is an antibacterial material that strengthens the structure of enamel, making
it less susceptible to demineralization and caries formation due to the generation of fluo-
rapatite crystals and the promotion of enamel remineralization; these mechanisms result
in less soluble tissue in the acidic enamel environment that is conducive to the growth of
microorganisms such as Streptococcus mutans (S. mutans) [18–20].

This microorganism inhabits the human oral cavity, specifically in the biofilm of dental
surfaces (dental plaque), and its cariogenic potential is characterized by several key traits:
rapid conversion of carbohydrates into lactic acid (acidogenicity); the ability to synthesize
large amounts of glucan in the presence of sucrose; a strong affinity for colonizing the hard
tissues of the tooth; the capacity to produce an extracellular polymeric matrix; and the
ability to survive and proliferate in low pH environments (aciduricity).Although S. mutans
is not the only microorganism that causes dental caries, it has been shown to be capable of
creating a favorable environment for other aciduric and acidogenic species [21,22].

Regarding the fluoride released by GICs and RMGIs, there is controversy about the
true antibacterial capacity of these cements because almost all studies have reported a
fluoride release level that does not exceed 50 ppm [23–26]. Morales et al. (2020) reported
that glass ionomers release approximately 17.8 ppm fluoride [27]. On the other hand,
some studies mentioned that the minimum quantity required to inhibit the growth of
S. mutans is between 4000 and 5000 ppm. Pradiptama et al. (2019) stated that the minimum
concentration of sodium fluoride necessary to inhibit the growth of S. mutans is 4800 ppm
(4.8 mg/mL) [28]. Therefore, it can be said that the antibacterial effect of fluoride-releasing
materials is directly related to the quantity and duration of the fluoride release, and for this
reason, the necessary quantity of fluoride to inhibit bacterial growth cannot be obtained
from GICs or RMGIs.

Several studies have focused on improving the physical, mechanical and antibac-
terial properties of ionomers by using nanotechnology [29]. Some studies reported an
improvement in the microhardness, compressive strength, shear bonding and flexural
strength of GICs with the incorporation of nanoparticles into the glass ionomer pow-
der [30–32]. However, there has been great interest in developing or modifying some GICs
with nanostructures like nanoparticles (zinc oxide, graphene–silver and magnesium oxide
nanoparticles) to enhance their antibacterial capacity [33–35].
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Nanotubes are nanostructures with drug delivery ability; drugs can be loaded inside
nanotubes, and they can improve the antibacterial properties and increase the time of action
of different compounds [36,37]. There are nanotubes made of different materials, such as
carbon, trititanate, graphene, boron and halloysite. Halloysite nanotubes (HNTs) are a
low-cost, nanometer-sized porous tubular structure with a lumen diameter of 10–15 nm,
which allows for the encapsulation of drugs or active elements, making them a nanometric
container capable of releasing said drugs in a controlled manner. The outer diameter of
nanotubes is approximately of 50–80 nm, and they have a length of 1 μm [38,39]. Recent
research has shown that HNTs can be loaded with various antimicrobial agents [36]. Other
advantages of halloysite nanotubes are their high mechanical strength, thermal stability
and adequate biocompatibility [40,41].

The antibacterial properties of glass ionomer cements have been evaluated in previous
studies via the agar diffusion method, which has the advantages of simplicity, low cost, easy
interpretation of results and the possibility of analyzing a large number of antimicrobials
and microorganisms [42–46]. The process consists of inoculating a microorganism onto an
agar plate, and if the antimicrobial agent is effective, it will diffuse into the agar and be
able to inhibit the growth of the microorganisms, and the diameter of the zone of growth
inhibition around the sample is measured.

Therefore, this study aimed to load HNTs with a minimum inhibitory dose of sodium
fluoride and to determine the growth-inhibitory effect of these nanotubes on S. mutans
when incorporated into a GIC and an RMGIC.

2. Results

Fluoride and halloysite nanotubes were analyzed through Fourier transform infrared
spectroscopy. In Figure 1a, vibrations can be observed between 1000 and 1400 cm−1,
characteristic of fluorinated compounds (F), and the vibrations observed between 300 and
500 cm−1 correspond to the interaction between sodium and fluorine ions. Regarding the
halloysite nanotubes (b), the flexural vibrations between 400 and 600 cm−1 correspond to
the presence of silicate groups (Si-O). The vibrations between 1000 and 1200, characteristic
of silicate groups, and the flexural vibrations between 600 and 700 cm−1, typical of minerals
containing aluminum (Al-O) in their structure, confirmed the presence of halloysite.

Figure 1. Fourier transform infrared spectroscopy of fluoride (a) and halloysite nanotubes (b).

As shown in Figure 2a,b, the corresponding infrared spectrum for the control
groups showed functional groups belonging to OH groups between the frequencies of
3200–3600 cm−1 and the presence of aliphatic chains (C-H) between 2850 and 2960 cm−1.
Bands related to silicate groups (Si-O) were observed at frequencies of 1075 for Ionobond
and 1052 for Vitrebond, and the bands at frequencies of 732 for Ionobond and 723 for
Vitrebond, indicative of aluminum groups (Al-O), correspond to the presence of halloysite
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in the positive control groups. For the experimental groups, the presence of the groups
mentioned previously was observed, and the appearance of fluoride was confirmed via the
band peaks at 1178 and 1456 for Ionobond and at 1143 and 1416 for Vitrebond.

Figure 2. Fourier transform infrared spectroscopy of study groups. The control groups of
(a) Ionobond (IB) and (b) Vitrebond (VB) and the positive control groups. (c) Ionobond with nan-
otubes (IBHNT), (d) Vitrebond with nanotubes (VBHNT), (e) Ionobond with fluoride-modified
nanotubes (IBHNT-NaF) and (f) Vitrebond with fluoride-modified nanotubes (VBHNT-NaF).

Regarding the growth-inhibitory effect, the minimum and maximum inhibitory con-
centrations of the control group were 3000 and 4000 ppm, respectively, while for the
experimental group, the concentrations were 2000 and 4000 ppm (Figure 3).

Figure 3. Inhibitory concentrations of control (NaF) and experimental (HNTs-NaF) groups, shown in
ppm (parts per million).
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Among the control and positive control groups, only VB and VBHNT showed a
bacterial growth inhibition zone of 8.3 and 8.5 mm, respectively, for S. mutans (Figure 4).

 

Figure 4. Growth inhibition zone of control and positive control groups. (a) Ionobond (IB) and
(b) Vitrebond (VB), which formed the control group; (c) Ionobond with halloysite nanotubes (IBHNT)
and (d) Vitrebond with halloysite nanotubes (VBHNT), which formed the positive control group.

In Figure 5, it can be observed that all of the experimental groups presented an an-
tibacterial effect on the microorganism analyzed in this study. An average bacterial growth
inhibition zone of 8.60 ± 0.51 mm was observed for the IBHNT-NaF, while the VBHNT-NaF
showed a greater inhibition zone than the control, with a mean of 9.10 ± 0.56 mm.

 

Figure 5. Growth inhibition zone of experimental groups: (a,b) IB with HNT-NaF at 2000 ppm,
(c,d) VB with HNT-NaF at 2000 ppm.

As shown in Table 1, significant differences were observed after carrying out a non-
parametric Kruskal–Wallis test when the control and experimental groups were compared
(p = 0.001). This test is carried out to determine if there are statistically relevant differences
between two or more groups with a p value ≤ 0.05. Nevertheless, with the Kruskall–Wallis
test, it was not possible to determine between which groups statistically significant dif-
ferences were present. Therefore, a pairwise comparison test (Mann–Whitney U) was
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performed to determine between which groups these significant differences were found.
The control and positive control groups for Ionobond showed no inhibitory effect, while
the control and positive control groups for Vitrebond presented a similar inhibitory effect,
whereby no statistically significant differences were observed between these groups. Signif-
icant differences were observed between the control groups for Ionobond and Vitrebond
(p = 0.010) because Vitrebond presented an inhibitory effect of approximately 8.30 mm,
whereas Ionobond did not present said inhibitory effect. When Ionobond was compared
with both experimental groups, a significant difference was observed because the VBHNT-
NaF and IBHNT-NaF experimental groups presented an inhibitory effect of 9.10 (p = 0.0001)
and 8.60 mm (p = 0.001), respectively. Nevertheless, between the control group for Vit-
rebond and the VBHNT-NaF and IBHNT-NaF experimental groups, no differences were
observed (Table 2).

Table 1. Kruskal–Wallis’ test comparing the antibacterial effect between the experimental and control
groups analyzed.

Groups Mean (SD)

Control group: Vitrebond (VB) 8.30 (0.483)
Experimental group: (VBHNT-NaF) 9.10 (0.568)
Positive control group Vitrebond: (VBHNT) 8.50 (0.527)
Control group: Ionobond (IB) 0.00 (0.00)
Positive control group Ionobond: (IBHNT) 0.00 (0.00)
Experimental group: IBHNT-NaF 8.60 (0.516)
Kruskal–Wallis‘ test p = 0.001 *

Mean: average of growth inhibition zone in millimeters; SD: standard deviation; *: p ≤ 0.05.

Table 2. Mann–Whitney U test.

Groups Statistics Statistics Deviation p Value

IB–VB 25.200 3.402 0.010 *
IB–IBHNT 0.000 0.000 1.000
IB–VBHNT −27.100 −3.658 0.004 *
IB–IBHNT-NaF −29.000 −3.915 0.001 *
IB–VBHNT-NaF −38.700 −5.224 0.0001 *
IBHNT–VBHNT −27.100 −3.658 0.004 *
IBHNT–IBHNT-NaF −29.000 −3.915 0.001 *
IBHNT–VBHNT-NaF −38.700 −5.224 0.0001 *
VB–IBHNT 25.200 3.402 0.010 *
VB–VBHNT −1.900 −0.256 1.000
VB–IBHNT-NaF −3.800 −0.513 1.000
VB–VBHNT-NaF −13.500 −1.822 1.000
VBHNT–IBHNT-NaF −1.900 −0.256 1.000
VBHNT–VBHNT-NaF −11.600 −1.566 1.000
IBHNT-NaF–VBHNT-NaF 9.700 1.309 1.000

IB, VB: control groups; IBHNT-NaF, VBHNT-NaF: experimental groups; *: p ≤ 0.05.

3. Discussion

The anticariogenic effect presented by fluoride-releasing materials is directly related to
the duration and amount of fluoride released [27,47]. Glass ionomers are among the dental
materials that deliver the highest fluoride release. Previous studies have reported fluoride
release amounts of between 17.4 and 32.6 ppm [27,28], which correspond to bacterial
inhibition [48]. However, one study reported that a value of between 3040 and 5700 ppm of
NaF is needed to eliminate bacteria in the oral cavity [49]; another study reported that a
value of between 4000 and 6000 ppm of NaF is needed [50]. Another study reported that
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the minimum inhibitory amount of NaF necessary for a bactericidal effect on S. mutans is
4800 ppm [28].

Regarding the maximum inhibitory concentration of fluoride, it has been established
by previous studies that excessive concentrations of fluoride can cause a regrowth because
S. mutans generates a type of adaptation due to a change in the enolase enzyme inhibitor,
which is irreversible and subsequently allows S. mutans to stay alive [28,49]

Several studies have tried to enhance the antibacterial characteristics of glass ionomers
by incorporating different nanomaterials [30,51,52]. However, some of these studies did
not report favorable results [36,53–55].

Nanotubes are nanostructures with the ability to encapsulate drugs; specifically, HNTs
have been shown to be suitable for drug transport and prolonged release [54,56]. Massaro
et al. [57]. concluded that HNTs do not present bacterial inhibition themselves, which was
corroborated in this study, since the positive control groups did not show differences in
their inhibitory effects from the control groups. However, HNTs are characterized by an
excellent carrying capacity and ability to release and transport drugs [54]. These qualities
have positively improved some characteristics of dental materials [53].

In this study, the inhibitory effect of NaF was analyzed at concentrations between
1000 and 10,000 ppm; the established maximum inhibitory concentration (4000 ppm) and
minimum inhibitory concentration (3000 ppm) of NaF on S. mutans was similar to previous
studies [49,50]. The positive control groups analyzed in this study did not show differences
with respect to the control groups and were included only to guarantee that the inhibitory
effect of the experimental groups was due to the presence of fluorine inside the nanotubes.
No bacterial growth inhibition zone was observed in the Ionobond control groups analyzed
in this study, so an insufficient amount of NaF was released by this glass ionomer to inhibit
S. mutans. In the VB control group, a bacterial growth inhibition zone was observed. A
previous study suggested that this antibacterial effect could be caused by the release of
the initiator diphenyleneiodonium chloride, which can inhibit fibroblast growth and could
also inhibit the growth of S. mutans [47]. Another study showed that compared to GICs,
VB is strongly cytotoxic in different cell cultures [58].

In the present investigation, the antibacterial properties were improved in both experi-
mental groups of glass ionomers modified with HNTs preloaded with NaF. In the IB control
group, no antibacterial capacity was observed prior to the incorporation of HNTs, but an
inhibitory effect was obtained after the incorporation of nanotubes, and the growth inhibi-
tion effect of the VBHNT-NAF experimental group increased with respect to VB because a
broader bacterial growth inhibition zone was observed (1 mm approximately). However,
no statistically significant differences were observed between these groups (Table 2).

With respect to the minimum and maximum concentrations of NaF required to inhibit
the growth of S. mutans, HNTs promoted the antibacterial activity of NaF and expanded
the bacterial inhibition interval of 3000 to 6000 ppm reported by previous studies [28,49].
However, in the experimental groups that were analyzed in our study, a growth inhibition
zone for S. mutans was observed from 2000 ppm. These results demonstrate the ability of
HNTs to promote NaF release and increase the antibacterial effect of glass ionomers, which
is consistent with previous studies demonstrating the efficacy of HNTs loaded with other
antimicrobial agents [54,56].

The ability of glass ionomer cements to inhibit bacterial growth as a consequence of
their fluoride release has been critically evaluated in this study, because previous studies
concluded that the inhibitory effect occurs from 5000 ppm [18]. Taking into account
the amount of fluoride released by glass ionomer cements reported in previous studies,
which is no higher than 50 ppm [17,18,40], these materials will release an insufficient
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amount of fluoride to guarantee an environment free of microorganisms like S. mutans.
Considering this limitation, the clinical application of glass ionomer liners reinforced with
fluoride-modified nanotubes could increase the success of indirect pulp capping therapy
and decrease the probability of secondary caries, guaranteeing an aseptic environment. On
the other hand, the amount of fluoride required to eliminate the S. mutans present in dental
cavities will be reduced to 2000 ppm due to the capability of HNTs to improve the effect
of drugs.

4. Materials and Methods

4.1. Determination of the Inhibitory Effect of Sodium Fluoride (NaF)

The minimum and maximum inhibitory concentrations were determined as follows.
A total of 2.2106 g of 99.99% extra pure sodium fluoride (Fagalab; Mocorito, México) was
weighed with an analytical balance (Shimadzu Scientific Instruments; Kyoto, Japan) and di-
luted in deionized water (100 mL) to obtain a solution at a concentration of 10,000 ppm [59].
From this stock solution, solutions were prepared with different concentrations with an
interval of 1000 ppm (1000–10,000 ppm), and these were used as the control group. A total
of 1 mL of each NaF solution was inoculated with 1 mL of S. mutans in Mueller–Hinton
broth (0.5 McFarland corresponds 1.5 × 108 CFU/mL) at 37 ◦C for 24 h in 5 mL test tubes,
and this procedure was performed in triplicate (30 samples). For the experimental groups,
10 mg of HNTs preloaded with NaF was directly added to 1 mL aliquots of the prepared
solutions with S. mutans in Mueller–Hinton broth with the same number of samples. Once
the minimum inhibitory concentration was established, the HNTs for incorporation into
the ionomers were modified with that concentration of NaF (Figure 6).

Figure 6. Sketch of experimental procedures.
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4.2. Inccorporation of Sodium Fluoride into Halloysite Nanotubes

One gram of halloysite nanotubes (Sigma–Aldrich; St. Louis, MO, USA) was weighed
using the previously mentioned analytical balance. The HNTs were immersed in a prepared
solution with 98% 3-(trimethoxysilyl) propyl-methacrylate (Sigma–Aldrich) diluted to 5%
in 95% acetone (Sigma–Aldrich) for 24 h at a temperature of 110 ◦C in a drying oven
(HERAtherm oven Thermo Fisher Scientific; Waltham, MA, USA).

Subsequently, these nanotubes were incorporated into 10 mL of NaF (Fagalab) at
2000 ppm (the minimum inhibitory concentration established in this study in the above-
described experiments) based on the methodology of previous studies, where between
1 and 1.25 g of HNTs was mixed with 5 to 10 mL of antiseptic solution [42,54,60]. After-
wards, 10 mL of pure ethanol at 95% was added, and this solution was sonicated during 1 h.
After this procedure, the solution was taken into a drying oven for 10 days at a temperature
of 30 ◦C to remove the residual solvent and obtain the nanotubes loaded with sodium
fluoride (HNT-NaF) [61].

4.3. Characterization of the Samples Using FTIR (Fourier Transform Infrared Spectroscopy)

To determine the presence of fluoride in the experimental groups, Fourier transform
infrared analysis was used. The glass ionomer cements with fluoride nanotubes were
analyzed using a spectrometer (6700 FTIR Perkin Elmer; Waltham, MA, USA) with attenu-
ated total reflectance, employing a diamond/zinc-selenide crystal plate. Each sample was
analyzed by thirty-two scans with a 5 cm−1 spectral resolution using an infrared spectrum
range between 400–4000 cm−1.

4.4. Modification of Glass Ionomers with Preloaded Fluoride Halloysite Nanotubes

For this study, 2 glass ionomers, Vitrebond (VB; 3M ESPE, St. Paul, MN, USA) and
Ionobond (IB; VOCO GmbH, Cuxhaven, Germany), were used. Sixty blocks were fabricated
in a Teflon matrix with a 3 mm diameter and a thickness of 1 mm. The materials were
manipulated according to the instructions provided by the makers. The materials activated
by light were polymerized with an LED lamp (Elipar; 3M ESPE) for 20 s; a radiometer
(Demetron; Kavo Kerr, Orange, CA, USA) was necessary to confirm the correct intensity
of the emitted light. This had to be greater than 400 milliwatts per square centimeter
(mW/cm2).

Using the spoon provided by the manufacturer, the amount of powder indicated
was retrieved from the bottle and subsequently weighed. This procedure was performed
10 times to calculate the average amount of powder corresponding to the spoon provided
by the manufacturer, this procedure was repeated to elaborate each sample. The average
for VB was 0.0483 mg, while the average for IB was 0.1043 mg. Then, 10% of the ionomer
powder was replaced with HNTs with and without NaF to prepare the positive control and
experimental groups, respectively. The total powder of these groups was mixed with the
liquid following the instructions proportionated by the manufacturer.

The control group consisted of 10 blocks of each ionomer analyzed in this study. For
the positive control group, 20 blocks of ionomers with HNTs were fabricated and divided
into 2 groups (10 blocks per group) as follows: the VBHNT group (VB ionomer with HNTs)
and the IBHNT group (IB ionomer with HNTs).

The experimental groups consisted of 10 blocks of each ionomer with HNT-NaF at
2000 ppm, which were distributed into 2 groups (VBHNT-NaF and IBHNT-NaF). The
sampling distribution is presented in Figure 7.
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Figure 7. Sample distribution diagram, (n) sample size.

4.5. Microbiological Assay

The microbiological tests were carried out according to the CLSI-established guidelines,
specifically those in the document M100 [62]. Mueller–Hinton agar was supplemented
with sheep blood at a percentage of 5% (BD Columbia, Heidelberg, Germany), and this was
used to seed S. mutans (ATCC) 33688 through the cross-streak method, and the samples
were subsequently incubated for 24 h at 37 ◦C.

A bacterial suspension was prepared with a turbidity of 0.5 according to the McFarland
scale (equivalent to 1.5 × 108 CFU/mL) in 0.9% NaCl2 solution. The quantification of
the bacteria was carried out with the plate count method. The AMH plates were fully
inoculated with S. mutans without leaving any free zones, and the samples corresponding to
the controls and experimental glass ionomer groups were set on the plates. The plates were
taken into an incubator (Thermo Fisher Scientific, Waltham, MA, USA) with an anaerobic
atmosphere with 5% CO2 for 24 h at 37 ◦C. This procedure was performed in triplicate.
Subsequently, the bacterial growth on the plates was evaluated to determine the area of
bacterial inhibition, which was measured with a Vernier caliper in millimeters.

4.6. Statistical Analysis

The SPSS 25.0 statistical program (IBM, New York, NY, USA) was used to analyze the
data obtained. To perform multiple comparisons between the study groups and determine
statistical differences between the study groups, the Kruskal–Wallis statistical test was
necessary, and the Mann–Whitney U test was performed to determine between which
study groups these statistical differences were found. In all the statistical test used in this
study, a p value ≤ 0.05 was considered significant.

5. Conclusions

In this study, glass ionomers were modified by replacing 10% of the average amount
of powder required with fluoride-modified halloysite nanotubes (HNT-NaF). The glass
ionomer Ionobond modified with HNT-NaF obtained an efficient growth-inhibitory effect
on S. mutans, which this material did not show previously. Vitrebond had a growth-
inhibitory effect attributable to the methacrylates in its composition. However, this effect
was increased by the incorporation of HNT-NaF, showing wider halos. Similarly, it was
established that the minimum amount of sodium fluoride required to inhibit S. mutans was
between 3000 and 6000 ppm, which could be improved to 2000 ppm by using HNTs.

Halloysite nanotubes are a highly promising additive for improving dental materials.
Fluoride-modified halloysite nanotubes can promote the inhibitory effect of glass ionomers
on S. mutans.

Limitations of the Study

In this study, only one bacterial strain was evaluated during the first 24 h. The
evaluation of other bacterial strains with observations beyond this period would have been
appropriate to evaluate its long-term effectiveness. It would be desirable to carry out more
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experiments to evaluate the materials’ antibacterial activity, such as the growth kinetics
of the biofilm, the viability of bacterial cells, and the morphology of bacterial cells. The
authors consider that future studies should be developed to evaluate the behavior and
antibacterial capabilities of GICs and RMGIs reinforced with fluoride nanotubes under
clinical conditions and analyze their physical and mechanical properties as well as their
fluoride release.
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Abstract: Helium (He) accumulation, a byproduct of nuclear transmutation, poses a signif-
icant reliability challenge for the materials used in nuclear reactors. Nanomaterials, with
their high density of interfaces, offer superior He tolerance by absorbing He atoms and
suppressing bubble growth. However, the long-term stability of these materials under con-
tinuous He accumulation remains a concern. This study investigated the microstructural
and mechanical property responses of ZrN nanofilms to excessive He accumulation. Differ-
ent doses of He atoms were introduced via magnetron sputtering. The results indicate that
increasing the He dose induced a nanocrystalline-to-amorphous transition and instability
in the mechanical properties. The structural and mechanical instability, characterized by
surface blistering, softening, abnormal lattice shrinkage, and amorphization, was primar-
ily triggered by the degradation of the grain boundaries with He accumulation, and an
amorphization model of nanomaterials is proposed.

Keywords: ZrN nanofilms; helium accumulation; grain boundaries; amorphization

1. Introduction

Under high-energy and high-flux neutron irradiation, reactor materials often undergo
severe amorphization, leading to comprehensive performance degradation. To improve
the radiation tolerance of nuclear materials, the idea of radiation-resistant nanomaterials
has been proposed in recent years [1–4]. It uses high-density interfaces to inhibit the
aggregation of radiation-induced point defects and accelerate their annihilation [5]. For
example, oxide dispersion-strengthened (ODS) steels [6], multilayered materials [7], high-
entropy alloys with nanoprecipitates [8], etc., have been reported that can annihilate defects
and maintain a stable structure under radiation.

However, most of the research on radiation-tolerant nanomaterials has focused more
on the damage caused by the atomic collision cascade of high-energy particles. In fact, as
the energy and fluence of neutrons increase, the accumulation damage of transmutational
products like He nuclei cannot be ignored [9,10]. The accumulation of He atoms can
lead to the severe destruction of the structure and performance of nuclear materials [11].
Specifically, He atoms can trap themselves in vacancies to form He clusters (He bubbles),
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which introduce compressive stress into solids. With the bubbles’ growth, cracks could
form and evolve into cavities gradually, resulting in material embrittlement [12], surface
blistering [13], etc., thus reducing the long-term reliability of nuclear materials.

Although some studies have shown that high-density grain boundaries in nanoma-
terials can significantly adsorb He bubbles and inhibit their growth in grains, giving
nanomaterials superior tolerance to He accumulation damage [1–4], other researchers have
reported some opposite conclusions. For example, when implanted with 10 keV He+ ions
at an average flux of 1013 He+/cm2s, large He-filled cavities can be formed in the grains
of nanocrystalline nickel, facilitated by the radiation-induced vacancy clusters [14]. He
accumulation can lead to surface blistering on the surface of nanocrystalline ZrN after
He implantation and annealing at 600~1000 ◦C [15]. Chen et al. reported that with the
implantation of 65 keV He+ ions at 277 ◦C, and subsequent irradiation with 9 MeV Au
ions (10 dpa) at 700 ◦C, He bubbles expanded obviously in nanocrystalline SiC, while
no bubbles were found in a single-crystal SiC under the same irradiation conditions [16].
These findings suggest that the stability of nanomaterials under different He accumulation
conditions needs to be evaluated carefully.

The stability of nanomaterials under He accumulation largely depends on the interac-
tion behavior between the He atoms and grain boundaries [1–4]. However, the prevailing
method to evaluate He accumulation damage is He+ ion irradiation. Since ion irradiation
will introduce inhomogeneous defects, thermal effects, and surface effects (limited depth of
implantation) into the samples, it brings more challenges to quantitative studies on the pure
interaction of He atoms and interfaces in nanomaterials, and increases the complexity of the
failure behavior of nanomaterials. To investigate the pure interaction of grain boundaries
and He atoms in nanomaterials, we tried to exclude the influence of inhomogeneous radia-
tion defects and temperature and surface effects by introducing different doses of He atoms
uniformly into ZrN nanofilms during film deposition, by magnetron sputtering at room
temperature [17]. With this method, we evaluated the stability of ZrN nanofilms under
severe He accumulation in this study, as ZrN is a promising radiation-tolerant material,
especially as a candidate material for nuclear fuel cladding and other reactor structural
components [18,19]. We demonstrate that He accumulation degrades the grain boundaries
in ZrN nanofilms, driving amorphization and performance deterioration.

2. Results

2.1. Microstructure Evolution with He Accumulation

The typical GIXRD spectra of the ZrN nanofilms, obtained with He flow rates ranging
from 0 to 70 standard cubic centimeters per minute (sccm), are shown in Figure 1. It was
found that as the He flow rate increased, the full width at the half maximum of the peak
became wider. Moreover, surface blistering on the specimen has become increasingly
apparent with the He flow rate increasing (Figure 2). From the TEM images (Figure 3), it
can be seen that the crystallite size within the ZrN thin films did not change significantly
with the He flow rates, indicating the XRD peak broadening was substantially influenced
by factors beyond the crystallite size, most likely by the non-uniform microstrain and
decreased crystallinity induced by the He implantation. At an He flow rate of 45 sccm,
the diffraction peaks broadened dramatically, showing that the crystallinity of the ZrN
nanofilms decreased obviously. In particular, as the He flow rate increased to 70 sccm,
all the peaks disappeared, indicating severe amorphization in the ZrN nanofilms. The
peak positions of the different planes in the samples were obtained and converted to lattice
parameters by using the software Jade 6.0. As shown in the inserted picture in Figure 1, the
lattice parameters of the ZrN nanofilms with an He flow rate of 15 sccm increased slightly
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compared with the original ZrN. Then, it reduced sharply, from 4.63 Å to 4.52 Å, at an He
flow rate of 45 sccm. The obvious shift of the (111) peak for the sample (45 sccm) toward a
higher angle (marked by a dashed line) also verifies the lattice shrinkage. The abnormal
lattice shrinkage followed by amorphization implies that the He flow rate of 45 sccm may
be the threshold at which severe He cumulative damage occurred in the ZrN nanofilms
under our synthesis conditions.

Figure 1. XRD patterns of ZrN nanofilms; the upper-right inset figure shows the change in the lattice
constant with the He influx rate. “sccm” is the abbreviation of standard cubic centimeter per minute.

It is worth noting that many studies have shown that He accumulation often leads
to lattice swelling, which can be attributed to the interstitial He atoms squeezing the
lattice [11,18]. However, there was no monotonic increasing relationship between the lattice
constant and the He dose in this study or in some other reports [17–21]. We will discuss
this later, combining it with other findings.

2.2. Blistering on the Surface of ZrN Nanofilms

Prevalent blistering was found on the film surfaces at He flow rates above 45 sccm
(Figure 2d,e), while the ZrN nanofilms had relatively flat and smooth surfaces (Figure 2a–
c) below the threshold of 45 sccm. As we know, blistering on the surface is a typical
pattern of He accumulation damage, resulting from the release of He atoms and other
interstitial atoms diffusing from the interior of the sample [17]. Lattice shrinkage and
blistering happening at the same time implies a close relationship between these two
damage behaviors. It is reasonable to suspect that noticeable lattice shrinkage can predict
a qualitative change in the microstructure of nanofilms, which may trigger severe He
accumulation damage.
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Figure 2. Cont.

 
Figure 2. Surface morphology of the (a) as-deposited ZrN nanofilm and (b) He-implanted ZrN
nanofilm at 15 sccm, (c) 30 sccm, (d) 45 sccm, and (e) 70 sccm, showing that blisters appear as the He
flow rate increases.

2.3. Interaction of He Bubbles and Grain Boundaries

To understand the microstructure evolution behavior as the He injection rate increased,
we compared the cross-sectional TEM images of the samples with different He doses.
Figure 3a shows the TEM image of the nanofilm without He injection. It can be seen
that the columnar crystal structure inside the film is relatively intact. Moreover, the
four sharp—(111), (200), (220), and (311)—diffraction rings in the selected area electron
diffraction (SAED) pattern (inset of Figure 3a) indicate that the ZrN nanofilm without He
injection has better crystallinity. The columnar grains in the ZrN films were interrupted at
the He flow rate of 15 sccm, resulting in more equiaxed grains of 10–20 nm in diameter,
as shown in Figure 3b. Moreover, the initial He bubbles were mainly adsorbed at the
grain boundaries in the form of strips (marked by white arrows). The strip-shaped He
bubbles began to coarsen as the He dose increased (Figure 3c), but most of the He bubbles
were still located along the grain boundaries. At the He flow rate of 45 sccm, a large
number of irregular polygonal He bubbles can be observed in Figure 3d. Meanwhile, the
grain boundaries became blurred and the He bubbles expanded from the grain boundaries
toward the interior of the grain. We hypothesize that the irregular polygonal He bubbles
formed when the bubbles, initially at the grain boundaries, began expanding into the grain
interior as the grain boundary structure was compromised. We suggest that a residual
pinning effect from the original grain boundary location, influenced by the interfacial
energy, prevented the expanding bubble edges from fully relaxing into a spherical shape.
The diffraction ring became blurred, indicating that its crystallinity had decreased severely
(Figure 3d). As the He flow rate increased to 70 sccm, the He bubbles aggregated and
expanded dramatically, while the grain boundaries disappeared and the irregular polygonal
He bubbles became spherical (Figure 3e). The bubble shape changing indicates that the
He bubbles were completely free from the grain boundaries and evolved to a spherical

22



Inorganics 2025, 13, 158

shape driven by the Gibbs free energy. This observation is supported by the diffraction
rings (inset in Figure 3e). They transformed into halos, revealing that the nanocrystals
underwent severe amorphization. This indicates that with increases in the He dose, the
trapping (accommodating) effect of the grain boundaries on the He bubbles gradually
weakens and then disappears, resulting in remarkable structural damage to the nanofilms.

 

Figure 3. Cross-sectional TEM images of the ZrN nanofilms: (a) the as-deposited ZrN nanofilm,
(b) He-implanted ZrN nanofilm with 15 sccm, (c) He-implanted ZrN nanofilm with 30 sccm,
(d) He-implanted ZrN nanofilm with 45 sccm, and (e) He-implanted ZrN nanofilm with 70 sccm.
The black arrow shows the growth direction of the grain. The white arrows mark the He bubbles.
The upper-right inset figures show the corresponding electron diffraction patterns.

The high-resolution transmission electron microscope (HRTEM) images reveal the
interaction between the He atoms and grain boundaries. Figure 4a shows the intact grain
boundaries of the nanofilms without He bubbles, while Figure 4b shows stripe-shaped He
bubbles (indicated by the white arrows) distributed along the grain boundaries and a small
amount of He bubbles (indicated by the black arrows) in the grain interior, which confirms
the trapping effect of the grain boundary on the He bubbles, keeping the crystal structure
stable at the He flow rate of 15 sccm. With an increase in the He dose, the strip-shaped
He bubbles on the grain boundary began to gather and coarsen (Figure 4c). Note that
the expansion of the spherical bubbles in the grain (indicated by the black arrows) is not
obvious. This reveals that the growth of the He bubbles was still confined within the grain
boundary at the He flow rate of 30 sccm. However, when the He flow rate increased to
45 sccm, as shown in Figure 4d, most of the stripe-shaped He bubbles along the grain
boundaries grew into irregular polygonal bubbles (marked by the white arrows). And the
bubbles expanded significantly toward the interior of the grains and swallowed up the
bubbles in the grains forming larger He bubbles (the white dotted line). This shows the
weak influence of the grain boundary on the He bubbles once the He dose surpasses the
threshold. Finally, as the He dose increased, the grain boundary disappeared and the lattice
structure was completely destroyed, showing an amorphous state (Figure 4e). Without the
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limitation of the grain boundary, the He bubbles spontaneously converged into a spherical
shape to reduce the surface energy. The interaction behavior of the He bubbles and the
grain boundary in Figure 4 is consistent with the experimental results shown in Figures 1–3.
It is rational to suspect that the weakening of the trapping effect of the grain boundary on
the He bubbles was the essential factor leading to the severe He accumulation damage,
including lattice shrinkage, amorphization, and blistering. And the He dose surpassing the
threshold may have been the trigger for the degradation of the grain boundary.

 

Figure 4. High-resolution transmission electron microscope (HRTEM) images of the ZrN nanofilms;
the corresponding flow rates are (a) 0 sccm, (b) 15 sccm, (c) 30 sccm, (d) 45 sccm, and (e) 70 sccm,
respectively. The white arrows mark the He bubbles at or near the grain boundaries, while the
black arrows mark the He bubbles in the grain interior. The white circle marks the expansion of the
He bubbles.

2.4. Degradation of Grain Boundaries Induced by He Accumulation

To reveal the degradation mechanism of the grain boundary, we further analyzed the
microstructure of typical grains at different He doses through HRTEM. Figure 5 presents
the fast Fourier transform (FFT) and inverse Fourier transform (IFFT) of the HRTEM images
within a selected area (within the dotted box). Figure 5a shows the HRTEM image of the
film with the He flow rate of 15 sccm. At this low He dose, more He bubbles were located
at the grain boundaries, with a few small bubbles in the grain interior (see the dotted
box). From the FFT in the upper-left corner of Figure 5a, it can be seen that the diffraction
spots in the crystal planes of the selected grain remain intact and regular. Furthermore, as
shown in the IFFT (Figure 5b), the interplanar distance of the {111} plane is 2.67 Å in the
grain, meaning the lattice constant of the selected grain is a little higher than that of the
sample without He injection. The lattice swelling can be attributed to the small He bubbles
squeezing the lattice in the grain (marked by the red arrows). However, the lattice swelling
is limited and the lattice structure is intact because most of the He bubbles have been
trapped in the grain boundaries. It is believed that the trapping effect of the grain boundary
on He atoms can improve the resistance to He accumulation damage in ZrN nanofilms.

When the He flow rate was 45 sccm, the lattice changed greatly. The He bubbles broke
free from the grain boundaries and expanded into the interior of the grain (the dotted box
in Figure 5c). In the FFT corresponding to Figure 5c, the reciprocal lattice corresponding to
the crystal plane is blurred, and satellite points (marked by the red arrows) appear. The two
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satellite points lie in the line of the reciprocal points of the {111} plane, but drift outward for
a small distance. This indicates that part of the {111} plane collapsed, and lattice shrinkage
occurred. The IFFT in Figure 5d shows that the collapse of the {111} planes occurred from
the zone near the grain boundaries (marked by the red arrows) and expanded toward the
grain interior, resulting in a decrease in the interplanar distance of the {111} plane to 2.58 Å.

Figure 5. HRTEM images and fast Fourier transform (FFT) for the rectangle areas: (a) 15 sccm He
injection sample and (c) 45 sccm He injection sample. Corresponding inverse Fourier transform
(IFFT) of the rectangle areas: (b) 15 sccm He injection sample and (d) 45 sccm He injection sample.
Grain boundary degradation appears with an He dose surpassing the threshold, being distinguished
by the prevalence of dislocations near the grain boundaries. The white arrow and red arrow point
out the intact crystal plane and the deformed crystal plane, respectively.

It is important to note that a large number of vacancy-type defects (Figure 5d), like dis-
locations (marked by the Ts) and dislocation loops (marked by the dotted lines), appeared
near the grain boundaries (periphery zone in Figure 5d), which were rarely found in the
grain with a low He dose (Figure 5b). We believe it was the prevalence of the vacancy-type
defects that destroyed the structure of the grain boundary, and weakened its trapping
effect on the He bubbles. Plenty of the vacancy-type defects near the grain boundaries can
be explained by the dislocation loop-punching mechanism [22]. At low He doses, more
He-vacancy clusters preferentially accumulated within the grain boundaries because the
energy barriers for point defect migration were lower at the interfaces than in the bulk [23].
And the growth of the He bubbles could be confined within the grain boundaries because
the intact lattice structure near the interface inhibited the diffusion of the point defects.
This resulted in more strip-shaped He bubbles growing along the grain boundaries and a
few spherical He bubbles forming in the grain interior. As the He dose increased, no more
space in the grain boundary was left for the He bubbles. Then, the strip-shaped bubbles
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tended to expand toward the grain interior by punching out dislocation loops constantly,
leading to more vacancy-type defects forming near the interfaces. As the He dose increased
to the threshold, the cumulative vacancy-type defects destroyed the lattice structure near
the grain boundaries (Figure 5d), which reduced the ability of the interfaces to confine the
He bubbles.

As the He bubbles expanded toward the grain interior, they merged with the bubbles in
the grain (Figures 4d and 5c). This process led to the release of the cumulative compressive
stress induced by the He bubbles, which decreased the lattice constant [17–21]. Moreover,
the destruction of the interface induced by the prevailing vacancy-type defects near the
grain boundaries enhanced the short-circuiting diffusion. More interstitial atoms (like He
atoms and self-interstitial atoms) tended to migrate along the grain boundaries toward the
surface to further release the compressive stresses caused by the high-dose He injection.
The migration of these massive interstitial atoms to the surface led to the lattice collapse
(lattice shrinkage) and blistering of the ZrN nanofilms.

It is worthy to note that the He-induced lattice changes can also be readily interpreted
from the perspective of macroscopic film stress evolution. At low He doses, the observed
increase in the ZrN lattice parameter suggests the incorporation of interstitial He atoms,
likely inducing compressive stress. Conversely, at higher He doses, pronounced grain
boundary damage facilitated interstitial atoms diffusion and surface blistering. This process
is typically associated with the formation of vacancy-type defects within a lattice, leading
to a tendency toward tensile stress and observed lattice contraction.

2.5. Mechanical Properties of ZrN Nanofilms

As shown in Figure 6, the indentation hardness of the film without He injection is
about 19 (Gpa), and the elastic modulus is about 185 (Gpa). The hardness and elastic
modulus of the films with He are lower than those of the original one, and both of them
decreased as the He dose increased. Especially when the He flow rate reached 45 sccm, both
the hardness and elastic modulus dropped sharply. This is consistent with our supposition
that the He flow rate of 45 sccm was the threshold for He accumulation damage in the films
under our synthesis conditions.
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Figure 6. Hardness and elastic modulus decreases with the He dose.

The hardness deteriorated with an increase in the He dose in this study, which is
contradictory to some previous studies. Many researchers have reported that the hardness
of He-injected samples is positively correlated with the dose of the He injection [24]. This
has been attributed to the defects introduced by the He bubbles hindering the movement of
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dislocations. However, both the hardness and elastic modulus of the ZrN nanofilms were
inversely correlated with the He dose in this study, implying that dislocation movement
may be no longer the main deformation mode of He-injected materials, which will be
explained in the Section 3.

3. Discussion

Researchers often believe that high-density grain boundaries can improve the re-
sistance to He accumulation damage. However, this study shows that as the He dose
surpassed the threshold, the grain boundaries were preferentially destroyed, leading to
severe amorphization and performance deterioration. Here, we propose a model for the
various stages of He accumulation damage in nanomaterials, as shown in Figure 7. In the
first stage, He accumulation in the nanomaterials is limited. The high density of the grain
boundaries in the nanomaterials can adsorb the He atoms and inhibit the expansion of He
bubbles toward the grains, thus improving the material’s resistance to He accumulation
damage (Figure 7a). However, as the He accumulation increases to the threshold, the lattice
structure of the grain boundaries and their neighboring zones are destroyed, resulting from
the He bubbles expanding toward the grain interior. During this stage, the expansion of
the He bubbles introduces more self-interstitial atoms near the grain boundaries, which
diffuse along the grain boundaries to the surface, driven by the surface energy (Figure 7b).
This leads to lattice shrinkage in the nanocrystalline structure and blistering on the surface,
resulting in the deterioration of the mechanical performance. As the He accumulation
increases continuously, the structure of the grain boundaries is severely destroyed. Out of
the control of the grain boundaries, the He bubbles expand deeply into the grains, merging
and growing dramatically. At the end of this stage, a huge amount of self-interstitial atoms
are introduced by the expansion of the He bubbles, which can lead to the amorphization of
the nanomaterials (Figure 7c).

 

Figure 7. Amorphization model of nanomaterials with He accumulation.

This model can explain the degradation behavior of the hardness and elastic modulus
of ZrN nanofilms with He accumulation (Figure 6). It has been reported that the deforma-
tion of nanomaterials can be more affected by the grain sliding, rotation, and dislocation
emissions of the grain boundaries [25–27]. In this study, the grain boundaries in the ZrN
nanofilms were destroyed by the prevailing vacancy-type defects (like dislocation loops)
induced by the He accumulation. The degradation of the grain boundaries enhanced the
sliding and rotation of the grains, and more dislocations were emitted from the grain
boundaries (Figure 5d), resulting in a decrease in hardness. For the elastic modulus, the
degradation was mainly related to the chemical bonds and crystal structure. The vacancy-
type defects induced by the excessive He atoms weakened the chemical bonding force and
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destroyed the lattice structure near the grain boundaries. This caused a decrease in the
Peierls stress in the nanofilms, resulting in the decrease in the elastic modulus.

The above hypothesis regarding the mechanism of the mechanical property degra-
dation is consistent with the typical damage behavior we observed in the high-He-dose
films (see Figure S3 in the Supplementary Materials). Under the He flow rate of 45 sccm,
some cavities were found beneath the surface blisters (Figure S3a by SEM). The subsur-
face layer’s cross-sectional profile may show the origin of the blistering (Figure S3b by
TEM). Some cracks appeared in the subsurface layer, mainly propagated along the grain
boundaries. It is rational to believe that the degradation of the grain boundaries accelerated
crack initiation and propagation along the interfaces, and then enhanced the diffusion of
the interstitial atoms (He and self-interstitial atoms) to the surface, forming cavities and
blisters. The formation of blisters, cavities, and cracks, accelerated by the degradation
of the grain boundaries, degraded the mechanical properties. This also accounts for the
observed reduction in the strength and elastic modulus of the nanomaterial resulting from
the substantial He accumulation damage in this study.

4. Experimental Section

The total thickness of all the He-implanted films was kept at about 1 μm. For the film
deposition, a pure zirconium plate (99.995%, Grinm Advanced Materials Co., Ltd., Beijing,
China) was used as the target, with a size of 65 mm in diameter and 5 mm in thickness. The
target–substrate distance was 50 mm. The film deposition was conducted in a magnetron
sputtering chamber, which was evacuated to 1.0 × 10−4 Pa. Before deposition, N-type
single-crystal Si (100) single-sided polished sheets (Grinm Advanced Materials Co., Ltd.,
Beijing, China), used as the substrates, were continuously cleaned with ethanol, acetone, and
deionized water. The substrates in the chamber were cleaned again by applying RF power of
200 W under Ar (99.999%, Zhongke Gas Co., Ltd., Nanning, China) for 10 min. During the
film deposition, pure Ar and N2 (99.999%, Zhongke Gas Co., Ltd., Nanning, China) were
introduced into the chamber with influx rates of 45 sccm (standard cubic centimeter per
minute) and 25 sccm, and pure He gas (99.999%, Zhongke Gas Co., Ltd., Nanning, China)
was injected into the chamber with influx rates of 0, 15, 30, and 45 sccm, respectively.
The sputtering power was 100 W, and the substrate holder was neither cooled nor heated
during sputtering. ZrN nanofilms were obtained after 2 h of deposition, and their thick-
ness was about 1 μm. It is worth noting that He can be uniformly introduced into ZrN
nanofilms using the magnetron sputtering method, and the introduced He concentration
can be controlled via the He influx rates. Analysis of TEM bright-field images (Figure S1)
combined with ImageJ software-v1.8.0 processing (Figure S2) revealed that the total surface
area of He bubbles, encompassing various morphologies, increased with the He influx
rates. This indicates that qualitatively controlling the He implantation dose through the He
influx rates is feasible.

The crystal structure of the films was characterized by glancing-incident-angle
X-ray diffractometer (GIXRD, Philips X Pert Pro MPD DY129, Koninklijke Philips N.V.,
Amsterdam, The Netherlands), and the changes in lattice structure before and after He
injection were observed. The glancing angle was 1◦, with a scanning speed of 5◦/min.
Field-emission scanning electron microscopy (SEM, Hitachi SU 8000, Hitachi, Ltd., Tokyo,
Japan) was used to characterize the surface and cross-sectional morphology of the films, ob-
serving the blisters or cracks on the films. The acceleration voltage was 15 kV. Transmission
electron microscope (TEM, Tecnai G20 S-T win, Fei Company, Hillsboro, OR, USA) was
used to characterize the microstructure evolution with different He doses (changed by flow
rates), including lattice distortion, bubble growth, and defect pattern in the ZrN nanofilms.

28



Inorganics 2025, 13, 158

The effect of He accumulation on the mechanical properties of ZrN nanofilms was deter-
mined by using a nano-indentator (Nano Indenter G200, KLA Corporation, Milpitas, CA,
USA). The nanoindentation measurement was conducted at a temperature of 23 ◦C, using
a Berkovich indenter. To minimize the impact of the substrate on the film hardness, the
applied maximum load was set at 6 mN, which made sure the indentation depth did not
surpass 20% of the thickness of the films. Each sample was subjected to 8 independent
indentation tests to reduce the experimental error.

5. Conclusions

Excessive He accumulation can lead to the amorphization and performance degrada-
tion of ZrN nanofilms. The structural integrity of the grain boundary plays an essential
role in the nanocrystalline–amorphous transition. At low He doses, the high-density grain
boundaries can absorb He atoms, thus suppressing the lattice damage induced by He bub-
bles. However, as the He dose increases, the grain boundary can be destroyed by the He
accumulation. The degradation of the grain boundaries triggers the He bubbles’ expansion
toward the grain interior, leading to structural and mechanical instability, including surface
blistering, softening, lattice shrinkage, and amorphization.

This finding gives us a more comprehensive view of the interaction between grain
boundaries and He bubbles, and the amorphization of ZrN nanofilms with He accumula-
tion. It provides an essential guide for the design of new irradiation-resistant nanomaterials.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/inorganics13050158/s1, Figure S1: Bright-field TEM micrographs
of ZrN films with different He gas influx rates. Figure S2: The ratio of area of He bubbles in ZrN films
at different He influx rates including spherical He bubbles, platelet-like He bubbles, and He bubbles
in total. The analysis was conducted using ImageJ software on Figure S1. Figure S3: Cross-sectional
morphology of the damaged ZrN nanofilms at a flow rate of 45sccm: (a) top surface layer captured by
SEM, (b) subsurface layer captured from TEM. Arrows mark the defects near the surface of ZrN films.
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Abstract: The mechanical response of monolithic CuZr metallic glass (MG) and MG/Cu
composite substrates under high-velocity impact was investigated using molecular dy-
namics simulations, with variations in impact velocity and initial temperature. Higher
impact velocities resulted in deeper penetration and increased plastic deformation, with
the monolithic MG exhibiting greater energy absorption and slightly more extensive pro-
jectile fragmentation. The MG/Cu composite displayed enhanced plastic deformation,
attributed to the higher stiffness of the crystalline Cu phase, which promoted plasticity
in the amorphous matrix. Temperature effects were more pronounced in the composite,
where elevated temperatures enhanced strain localization and atomic mobility in the glassy
phase. This was supported by a decrease in dislocation density and the population of
hexagonal close-packed (HCP) atoms with increasing temperature, indicating a shift in
plastic activity toward the amorphous matrix. These findings provide insights into the in-
terplay between impact velocity, temperature, and material composition, contributing to a
deeper understanding of MG-based composite behavior under extreme loading conditions.

Keywords: impacts; plasticity; metallic glasses; composites; molecular dynamics

1. Introduction

The impacts of nanoparticles have garnered increasing attention due to their relevance
in ballistics [1], the aerospace industry [2], military applications [3], and other fields [4,5].
High-velocity impacts involve various significant physical phenomena. For example, crater
morphology offers valuable insights into energy dissipation and pressure distribution [6].
The deformation mechanism is highly dependent on the material’s properties. Brittle
materials, such as ceramics and glass, typically exhibit catastrophic failure, absorbing less
energy through plastic deformation and forming craters characterized by sharp edges
and radial cracks. In contrast, ductile materials undergo extensive plastic deformation,
resulting in smoother and more rounded craters [7–10]. Moreover, mechanical properties
such as hardness and stiffness play a crucial role in determining a material’s resistance to
localized deformation and penetration, significantly influencing its initial response under
impact [11–13].

Understanding the underlying mechanisms of material damage requires high-
precision techniques, which are often difficult to achieve experimentally. To address this
limitation, numerical modeling has emerged as a powerful and cost-effective tool for study-
ing high-velocity impacts with high accuracy [14,15]. The finite element method (FEM) has
been widely used to investigate macroscopic systems and large structures. Applications
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include evaluating ballistic limit thickness for armor steels [16], analyzing the perforation
of metallic plates [17], assessing the resistance of composite laminated plates [18], and
studying traumatic brain injury [19], among others. Despite its versatility, FEM lacks
atomic-level resolution and relies heavily on constitutive material models. In contrast,
molecular dynamics (MD) provides atomic-scale detail, though it depends on the accuracy
of the employed interatomic potentials. While MD has primarily been applied to thermal
spray processes [20–23], other studies have investigated the effects of crystallographic
orientation on deformation [24], the plastic response and surface damage in metallic glasses
(MGs) [25,26], and wall cratering in tungsten surfaces [27]. However, aspects such as
the mechanical response of composites and the influence of secondary phase distribution
remain largely unexplored, presenting ongoing challenges in this field.

The mechanical behavior of MGs and MG-based composites under high-velocity
impact is of particular interest due to their unique atomic structure and exceptional me-
chanical properties. MGs feature a disordered atomic arrangement that enhances their
strength and elastic limit, while limiting their capacity for plastic deformation [28–30]. The
introduction of a crystalline phase, as in MG/Cu composites, adds structural heterogeneity
that can significantly influence energy dissipation and deformation mechanisms. However,
the interaction between the amorphous matrix and the crystalline phase under extreme
loading conditions remains poorly understood, particularly with respect to shear strain
localization, dislocation activity, and atomic rearrangement [31–34]. Temperature also plays
a critical role in the mechanical response during impact. Elevated temperatures can enhance
atomic mobility and promote plastic deformation in the amorphous phase, while reducing
dislocation density in the crystalline phase [35–37]. These effects are especially relevant for
understanding the transition between brittle and ductile behavior, as well as the evolution
of damage mechanisms at varying temperatures. Prior studies have also investigated the
shock response of MGs, characterizing properties such as Hugoniot pressure and spall
strength [38–41]. While these works advance the understanding of material response under
extreme and transient loading, they do not adequately characterize the damage caused by
localized impacts. This gap highlights the need for further investigation into high-velocity
impacts to fully understand damage evolution in MGs and MG-based composites.

In this context, the present study investigates the mechanical response of monolithic
CuZr MG and MG/Cu composite substrates under high-velocity impact using MD simu-
lations. A nanoporous MG matrix was prepared, with a secondary Cu crystalline phase
stochastically embedded to occupy the porous regions. By systematically varying the
impact velocity and initial temperature, this work aims to elucidate the roles of structural
heterogeneity and thermal effects on plastic deformation, energy dissipation, and shear
strain localization, topics that have rarely been addressed in the literature, to the best of
the authors’ knowledge. This approach offers valuable insights into the behavior of MG-
based composites under extreme loading conditions and contributes to the development of
advanced materials for impact-resistant applications.

2. Results and Discussion

In this section, the response of the monolithic MG and the MG/Cu composite to
nanoparticle impact is analyzed as a function of impact velocity and initial substrate
temperature. The focus is on the structural and mechanical properties of the substrate once
it reaches a relaxed state, which occurs approximately 0.6 ns after impact.
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2.1. Deformation Fields

The deformation behavior of both the monolithic MG and the MG/Cu composite
at an initial temperature of 100 K was analyzed using atomic shear strain for the amor-
phous phase and common neighbor analysis (CNA) for the crystalline phase, as shown in
Figure 1. Higher impact velocities resulted in deeper penetration and increased projectile
deformation, ultimately leading to disintegration at 3.0 km/s, consistent with previous
studies on high-velocity impacts in metallic materials [26,42]. A comparison between the
monolithic and composite samples reveals similar overall impact behavior. However, in
the MG/Cu composite, plasticity is partially driven by deformation within the crystalline
phase, resulting in the nucleation of stacking faults, a phenomenon typically observed in
face-centered cubic (FCC) metals [43–45].

Figure 1. Cross-section view of the deformation fields for the monolithic and MG/Cu composites
at different velocities. The amorphous and crystalline phases are colored according to atomic shear
strain and CNA, respectively. The substrates were at an initial temperature of 100 K.

2.2. Penetration and Projectile Deformation

The vertical center-of-mass position of the projectile (Zp) after impact was determined
by calculating its z-coordinate, using the upper surface of the substrate as a reference.
As shown in Figure 2a, higher impact velocities result in deeper penetration, with both
substrates exhibiting similar behavior. The degree of horizontal dispersion of the projectile
(Δd) was calculated as the difference between its post-impact radius and initial radius,
with the results presented in Figure 2b. The projectile undergoes horizontal disintegration
upon impact, consistent with previous studies on high-velocity impacts [21,26]. At lower
velocities, Δd is comparable for both substrates. However, as the impact velocity increases,
Δd becomes slightly higher for the monolithic MG substrate. This behavior can be attributed
to the more homogeneous structure of the monolithic MG, which promotes a more uniform
horizontal fragmentation of the projectile, as seen in the deformation fields in Figure 1.
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Figure 2. (a) Penetration depth (Zp) into the substrate and (b) horizontal deformation of the projectile.
The dotted line in Zp represents the position of the substrate surface.

Further insight into the deformation of the projectile is provided in Figure 3, where
the dotted line represents the upper surface of the substrate. It is evident that at lower
velocities, the projectile largely retains its original shape, while higher velocities lead to
significant deformation and deeper embedding into the substrate. Moreover, the final shape
of the projectile is similar for both the monolithic and composite substrates, consistent with
the trends observed in Zp and Δd.

Figure 3. Projectile after 0.6 ns relaxation time for the (a) monolithic and (b) composite substrate.
The dotted line represents the substrate upper surface. Red and blue colors represent Cu and Zr
atoms, respectively.

High-velocity impacts result in substrates with elevated energy states. To investigate
this effect, the variation in per-atom potential energy (ΔU) was quantified for both the
monolithic and composite samples at different impact velocities. ΔU was calculated as
the difference between the per-atom potential energy before and after impact. As shown
in Figure 4a, ΔU increases with impact velocity due to the conversion of the projectile’s
kinetic energy into potential energy within the substrate. This increase in internal energy
resembles the rejuvenation process commonly observed in MGs [46–48], although further
mechanical characterization is required to confirm this analogy. The monolithic sample
exhibits a greater energy variation compared to the composite, which can be attributed to
the higher stiffness of the single-crystal Cu phase. This suggests that the crystalline phase
in the MG/Cu composite substrate is less capable of undergoing plastic deformation due
to its increased stiffness relative to the glass matrix. For reference, the Young’s modulus of
single-crystal Cu oriented along the 〈100〉 direction is approximately 100 GPa [49], whereas
CuZr MGs typically range between 60–70 GPa, depending on atomic composition [36,50].
As a result, a greater amount of kinetic energy is required to produce a comparable increase
in potential energy in the composite compared to the monolithic MG. Pile-up formation was
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also analyzed by measuring the maximum pile-up height relative to the substrate surface.
As shown in Figure 4b, higher impact velocities lead to larger pile-ups. The monolithic
sample exhibits lower pile-up heights than the composite, reflecting its reduced capacity for
plastic deformation and atomic rearrangement in the bulk. This results in fewer atoms being
displaced and accumulated at the surface. It is important to note that the pressure exerted
by the projectile, along with the associated deformation, may modify the free volume and
atomic structure of the amorphous phase through atomic rearrangements [51–53], which
can enhance bulk deformation while reducing surface pile-up formation.

Figure 4. (a) Increase of the substrate per-atom potential energy and (b) crater pile-up after impact.

2.3. Quantification of Plastic Deformation

The high deformation fields induced significant plastic deformation in the samples.
Plasticity in the amorphous phase was quantified using the degree of strain localization (ψ)
and participation ratio (φ), while dislocation density (ρd) and the population of HCP atoms
(PHCP) were measured for the crystalline phase. These values are presented in Figure 5. As
shown, all quantities exhibit an increasing trend with impact velocity, indicating greater
energy transfer from the projectile to the substrate. A comparison between the substrates
reveals that the composite undergoes higher strain localization and a greater number of
participating atoms. This can be attributed to the increased stiffness of the crystalline
phase in the composite, which induces more plastic activity in the amorphous matrix.
Plastic characterization of the crystalline phase in the MG/Cu composite shows that both
dislocation density and stacking fault formation increase with impact velocity, consistent
with typical deformation mechanisms observed in FCC metals [43–45].

The distribution of plastic deformation was quantified in the radial direction from the
impact region. To this end, the degree of strain localization and the population of HCP
atoms were measured. The number of stacking faults was not explicitly quantified due
to the difficulty of counting them directly. The resulting curves are shown in Figure 6.
As observed, ψ increases with impact velocity and gradually decreases toward the bulk.
When comparing the two substrates, ψ shows higher values in the composite, supporting
our previous observation that the increased stiffness of the crystalline phase promotes
deformation in the glass matrix. This is further confirmed by the radial distributions of
HCP populations shown in Figure 6c. The populations are relatively small, consistent with
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the total populations observed in Figure 5c. The increasing trend of PHCP in the radial
direction suggests a larger number of stacking faults, although an exact count of these
defects is not possible. It is important to note that the bins for calculating PHCP become
larger with increasing radial distance (r), which results in a higher fraction of HCP atoms
being included in the calculation, thus explaining the observed trend.

Figure 5. (a) Degree of strain localization (ψ) and (b) participation ratio (φ) for the entire substrate.
(c) Dislocation density (ρd) and population of HCP atoms (PHCP) for the crystalline phase.

Figure 6. Radial distribution of the degree of strain localization (ψ) for the (a) monolithic and (b) com-
posite substrate. (c) Radial distribution of the population of HCP atoms in the composite substrate.

2.4. Temperature Effect

To investigate the effect of initial temperature on the mechanical response of the
substrate, five different initial temperatures were considered: 100 K, 200 K, 300 K, 400 K,
and 500 K, with a fixed impact velocity of 2 km/s. The deformation fields for both substrates
after impact are shown in Figure 7. A comparison across different initial temperatures
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reveals that higher kinetic energy leads to a greater number of atoms in the amorphous
phase undergoing shear strain, consistent with previous studies [36,54]. However, the
crystalline phase exhibits few differences. A comparison of both substrates at 500 K
shows that the fraction of amorphous atoms experiencing high shear strain is larger in the
composite substrate than in the monolithic one. This suggests that, despite the increased
kinetic energy, the high stiffness of the crystalline phase inhibits its plastic deformation,
leading to plastic events occurring predominantly in the glass matrix.

Figure 7. Cross-section view of the deformation fields for the monolithic and MG/Cu composites at
different initial temperatures. The amorphous and crystalline phases are colored according to atomic
shear strain and CNA, respectively.

The Zp of the projectile was calculated for each case, with the results shown in
Figure 8a. While Zp is higher for the composite case, as discussed in the previous section,
a slight decrease with temperature is observed. However, this trend is not statistically
significant due to the low percentage difference (3%). Regarding the degree of horizon-
tal fragmentation of the projectile after impact, an increasing trend is observed for both
cases, indicating that higher kinetic energy enhances projectile disintegration in the lateral
directions. However, there is almost no difference between the two substrates.
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Figure 8. (a) Penetration depth (Zp) into the substrate. (b) Horizontal deformation of the projectile
when considering different substrate temperatures and an impact velocity of 2 km/s.

2.5. Relationship Between Plastic Deformation and Temperature

Plastic deformation was quantified for different initial temperatures, as shown in
Figure 9. Both the degree of strain localization (ψ) and participation ratio (φ) exhibit
increasing trends with temperature, whereas dislocation density and the population of
HCP atoms show the opposite behavior. Interestingly, the participation ratio remains
similar for both substrates at low temperatures but becomes significantly higher for the
composite at elevated temperatures. This behavior reflects two key phenomena. First, the
crystalline phase has a limited ability to undergo plastic deformation due to its higher
stiffness, as previously discussed. Second, the glass matrix experiences enhanced atomic
rearrangement, attributed to its disordered structure. Regarding plastic activity in the
crystalline phase, both ρD and PHCP decrease with temperature, reinforcing the observation
that most plastic deformation occurs in the glass matrix rather than in the crystalline
structure when compared with the results of φ. Moreover, previous studies have shown
that higher temperatures lead to lower dislocation densities, as increased kinetic energy
promotes dislocation emission, mobility, and absorption [35,55,56].

Figure 9. (a) Degree of strain localization (ψ) and (b) participation ratio (φ) for the entire substrate,
and (c) dislocation density (ρd) and population of HCP atoms (PHCP) for the crystalline phase for the
substrate prepared at different initial temperatures. The considered impact velocity is 2 km/s.
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2.6. Implications and Future Perspectives

The findings of this study offer valuable insights into the design of advanced pro-
tective materials for impact-prone environments, such as armor systems and aerospace
structures exposed to space debris. The enhanced understanding of how MG and MG-
based composites respond under extreme loading conditions can inform the development
of lightweight, high-strength materials capable of dissipating large amounts of energy
through localized plastic deformation. In particular, the superior plastic accommodation
in MG matrices and the energy-dissipating capacity of composite architectures suggest
promising avenues for tailoring impact-resistant coatings or layered shields. These results
are especially relevant for spacecraft shielding, where minimizing mass while maximizing
energy absorption is critical for mitigating damage from micrometeoroid and orbital debris
impacts [57–59].

Despite the detailed atomic-level insights provided by MD simulations, the present
study has some limitations. The simulations are restricted to nanometer-scale systems,
which are difficult to explore experimentally. Moreover, the effects of interfacial properties
and sample size were not fully explored and may influence deformation mechanisms in
larger-scale systems. Future research could extend these findings by incorporating multi-
scale modeling approaches and the evaluation of additional crystalline phase distributions.
Additionally, understanding damage accumulation under repeated impacts or environ-
mental effects such as oxidation or radiation would further enhance the applicability of
MG-based composites in demanding operational environments.

3. Materials and Methods

MD simulations were performed using the LAMMPS (version 29Aug2024) pack-
age [60,61]. Cu-Zr atomic interactions were modeled using the interatomic potential devel-
oped by Borovikov et al. [62]. This potential accurately describes the amorphous phase of
CuZr MGs and provides reliable values for the stacking fault energy of single Cu structures.
An integration timestep of 1.0 fs was employed for all simulations.

The CuZrMG was prepared by constructing a crystalline box with dimensions of
51.8 × 51.8 × 5.18 nm3 and an atomic composition of 64% Cu and 36% Zr. The sample
was equilibrated at 2500 K for 2 ns under zero pressure using periodic boundary condi-
tions (PBCs). Subsequently, a cooling rate of 1011 K/s was applied to reduce the temperature
to 100 K, followed by equilibration at zero pressure for 0.1 ns. The sample was replicated
10 times in the z-direction to obtain a larger structure. Finally, annealing at 600 K for 0.5 ns
was performed to relieve stress at the artificial boundaries while maintaining zero pressure
with PBCs.

A nanoporous MG structure was prepared using the algorithm proposed by
Soyarslan et al. [63], based on the reaction-diffusion equation. Periodic waves f (�r) were
randomly generated according to the following expression:

f (�r) =

√√√√ 2
N

N

∑
i=1

cos(�qi ·�r + αi). (1)

Here, �qi, �r, and αi are the wave vector, the position vector, and a random phase,
respectively. The wave vector is calculated as

�qi =
2π(h, k, l)

L
, (2)
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where L is the simulation length, and h, k, and l are the Miller indices. Spinodal-
like structures with translational periodicity are obtained according to the condition
H =

√
h2 + k2 + l2, where |�qi| = 2πH/L is a constant. Porosity is introduced when

f (�r) > ζ, where ζ is a free parameter. The resulting sample had a porosity of 30%. The
porous regions were filled with single-crystalline Cu, with the [100], [010], and [001] orien-
tations aligned along the x-, y-, and z-directions, respectively. The MG/Cu composite was
annealed at 600 K for 0.5 ns under zero pressure with PBCs. Subsequently, the sample was
equilibrated at five target temperatures, T0: 100 K, 200 K, 300 K, 400 K, and 500 K. These
MG/Cu composites were used as substrates for the impacts.

To simulate high-velocity impacts, a 5 nm-diameter MG nanoparticle was extracted
from the bulk sample and positioned 5 nm above the substrate along the z-direction. Three
different impact velocities were considered: 1 km/s, 2 km/s, and 3 km/s. A 1 nm-thick
layer at the bottom of the substrate was set to zero force to prevent translational motion
during the impact. Directly above this, a 1 nm-thick layer in the z-direction, as well as a
1 nm-thick layer along the outer edges of the x- and y-directions, was assigned a Langevin
thermostat at a constant temperature T0 to absorb the elastic waves generated during the
impact. The inner region of the substrate was simulated under the NVE ensemble. A
schematic of the projectile/substrate configuration is shown in Figure 10. Impacts were
also performed on a monolithic MG for comparison purposes.

Figure 10. Scheme of the 1 nm-thick zero force and Langevin layers used in the simulations. The
layers are not to scale for visualization purposes. Red and blue colors represent Cu and Zr atoms,
respectively. Pink represents the crystalline phase.

Plasticity was quantified with the atomic shear strain [64]. The degree of strain
localization was obtained as [65]

ψ =

√√√√ 1
N

N

∑
i=1

(ηi − ηave)2, (3)

where N is the number of atoms, ηi is the von Mises strain of atom i obtained from the
atomic shear strain, and ηave is the average von Mises strain. The deformation participation
ratio (φ) was obtained as [66,67]

φ =
Nη>0.2

Nt
, (4)

where Nη>0.2 is the number of atoms with von Mises strain greater than 0.2 and Nt is
the total number of atoms. The dislocation density (ρd) was calculated using ρd = L/V,
where L is the total dislocation length provided by the DXA algorithm (the sum of all the

40



Inorganics 2025, 13, 141

dislocation lengths) [68], and V is the total substrate volume. Crystalline structure was
identified with the common neighbor analysis algorithm (CNA) [69], which was used to
quantify the populations of HCP atoms. Visualization was performed using the OVITO
(version 3.12.1) software [70].

4. Conclusions

The present study investigated the mechanical response of monolithic CuZr metallic
glass (MG) and MG/Cu composite substrates under high-velocity impact using molecular
dynamics simulations, considering variations in impact velocity and initial temperature.

Increasing the impact velocity led to deeper penetration and greater plastic defor-
mation of both substrates. At higher velocities, the projectile exhibited more pronounced
horizontal fragmentation in the monolithic substrate due to its homogeneous structure.
The MG/Cu composite exhibited increased plasticity, attributed to the higher stiffness of
the crystalline phase, which induced plastic deformation in the glass matrix. This differ-
ence in stiffness also influenced energy absorption, as the monolithic MG showed greater
variations in potential energy due to its higher capacity for atomic rearrangement.

Temperature effects were primarily observed in the amorphous phase, where increas-
ing the initial temperature enhanced shear strain localization and atomic mobility. In
contrast, the crystalline phase exhibited lower variations in deformation behavior due to
enhanced dislocation emission and absorption with temperature. This decrease in disloca-
tion density and HCP atom population indicated that plastic activity shifted predominantly
to the amorphous phase at elevated temperatures.

In summary, the MG/Cu composite displayed increased plasticity and lower energy
variation, with the crystalline phase exhibiting little deformation. This indicates that the
energy transferred from the projectile to the monolithic sample results in higher energy
states rather than plastic deformation. Furthermore, higher temperatures induced more
localized plasticity within the amorphous matrix, emphasizing the role of atomic mobility
and structural disorder in accommodating deformation. These findings highlight the inter-
play between impact velocity, temperature, and material composition in governing plastic
deformation mechanisms, providing insight into the response of MG-based composites
under extreme loading conditions.
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Abstract: An uncooled microbolometer is a thermal sensor consisting of a membrane
suspended from the substrate to provide thermal insulation. Typically, the membrane is
composed of a stack of three films integrated by a supporting film, an IR sensing film, and
an IR absorbing film. However, the above increases the thickness of the device and affects
its mechanical stability and thermal mass, thereby reducing its performance. One solution
is to use a single film as a membrane with both IR sensing and IR absorbing properties. In
this regard, this work presents the fabrication and evaluation of uncooled microbolometers
using nitrogen-doped hydrogenated amorphous silicon-germanium (a-SiGe:H,N) as a
single IR-absorber/IR sensing membrane. The films were deposited via low frequency
Plasma Enhanced Chemical Vapor Deposition (PECVD) at 200 ◦C. Three microbolometer
configurations were fabricated using a-SiGe:H,N films deposited from a SiH4, GeH4, N2,

and H2 gas mixture with different SiH4 and GeH4 flow rates and, consequently, with
different properties, such as temperature coefficient of resistance (TCR) and conductivity
at room temperature. The microbolometer that exhibited the best performance achieved
a voltage responsivity of 7.26 × 105 V/W and a NETD of 22.35 mK at 140 Hz, which is
comparable to state-of-the-art uncooled infrared (IR) sensors. These results confirm that
the optimization of the deposition parameters of the a-SiGe:H,N films significantly affects
the microbolometers final performance, enabling an optimal balance between thermal
sensitivity (TCR) and conductivity.

Keywords: PECVD; microbolometer; infrared; amorphous; silicon; germanium; TCR;
conductivity; responsivity; detectivity; NEP; NETD

1. Introduction

Uncooled microbolometers have proven to be a crucial technology for thermal de-
tection systems due to their ability to detect infrared radiation without the necessity of
cryogenic cooling systems, reducing costs and facilitating their integration into compact
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and portable devices. These sensors are essential in applications such as surveillance [1],
medical diagnostics [2], industrial inspection [3], automotive systems [4], firefighting [5],
and agriculture [6]. Their importance continues growing thanks to their capability to
operate under adverse conditions and provide efficient portable solutions [7].

An uncooled microbolometer is a thermal sensor used as a pixel in large infrared (IR)
focal plane arrays (IRFPAs). This device is a temperature-dependent resistor, where the
absorption of IR radiation causes an increment in its temperature, and consequently it
experiences a change in its electrical resistance. The temperature coefficient of resistance
(TCR) indicates the percentage of the microbolometer electrical resistance that changes per
degree Kelvin in temperature (%/K).

An uncooled microbolometer consists of a suspended membrane from the substrate to
provide thermal isolation. Basically, the membrane is composed of a film stack integrated
by a supporting film, typically of silicon nitride (SiNx) [8], an IR sensing film, typically
of hydrogenated amorphous silicon (a-Si:H) [9], and an IR absorbing film, also of SiNx,
which is an excellent IR absorber [10]. However, the above increases the steps in the sensor
fabrication process, increases the device thickness, and affects its mechanical stability and
thermal mass, thereby reducing its performance. One solution is the use of just one film as
a membrane, with both properties of IR sensing and IR absorbing.

Vanadium oxide (VOx) was the first IR sensing element used in uncooled microbolome-
ters [11] with a TCR in the range of −2.0%/K to −2.7%/K, and more recently intrinsic
a-Si:H has been adopted due to its very large TCR values (up to −9%/K). However, a-Si:H
also has a very large electrical resistance, which implies incompatibility with the input
impedance of the readout integrated circuits (ROICs) [8]. Therefore, boron has been em-
ployed to dope a-Si:H (a-Si:H,B) to reduce its electrical resistance, but also a reduction in
TCR to −3%/K is obtained [12].

In our previous work we have studied intrinsic hydrogenated amorphous silicon-
germanium (a-SiGe:H) alloys, which present high values of TCR (above −4%/K) and
moderate electrical resistance, depending on the silicon and germanium content in the
alloy [13]. In this context, nitrogen-doped hydrogenated amorphous silicon-germanium (a-
SiGe:H,N) is a promising material for being used as an IR sensing/IR absorbing membrane
due to its high IR absorption, high TCR, good electrical performance, and compatibility
with silicon Complementary Metal-Oxide-Semiconductor (CMOS) transistor technology.
The above enables the production of simpler, low-cost, and high-performance thermal
sensors [14].

The Plasma Enhanced Chemical Vapor Deposition (PECVD) technique is essential for
depositing a-SiGe:H,N films, as it allows precise control over the material properties by
adjusting the deposition conditions, such as gas flow rates, RF power, chamber pressure,
and substrate temperature. These adjustments directly impact the device TCR, responsivity,
and conductivity, which are essential factors for improving thermal sensitivity and reducing
noise levels. Additionally, the ability to fine-tune the material structure through PECVD
enables the films to absorb efficiently in the LWIR range (8–14 μm), making them ideal for
thermal imaging applications [15,16]. This study aims to optimize the properties of the
microbolometer by evaluating three configurations of a-SiGe:H,N films, selected based on
their optical and electrical performance. The results provide clear guidelines for developing
advanced uncooled infrared sensors compatible with the silicon CMOS technology and
facilitating their integration into advanced industrial IRFPAs.
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2. Results and Discussion

2.1. Characterization of the Thermo-Sensing Films

In this section, the main characteristics of the thermos-sensing films are presented.
Figure 1 shows the absorption coefficient spectra of the a-SiGe:H,N films, obtained by
Fourier transform infrared (FTIR) spectroscopy. For this characterization, the a-SiGe:H,N
thin films were deposited on 1 square inch crystalline silicon (c-Si) substrates, specifically
designed for optical characterization, using a FTIR spectrometer Nicolet iS50 (Thermo
Scientific, Waltham, MA, USA). The thicknesses of the a-SiGe:H,N films studied in this
work are the following: film #1 has a thickness of 327 nm, film #2 has a thickness of 361 nm,
and film #3 has a thickness of 392 nm, according to measurements performed with a
mechanical profiler.

Figure 1. Absorption coefficient spectra of the a-SiGe:H,N films deposited with different flow rates
of SiH4 and GeH4, maintaining constant the N2 and H2 flow rates.

It can be observed in the spectra in the range of 800 cm−1 to 1000 cm−1 (corresponding
to a wavelength of 10 μm to 12.5 μm) that film #1 has the largest absorption coefficient,
while film #3 has the lowest. That region is of interest because the microbolometers are
designed to detect radiation at 10 μm, which is the wavelength at which the human body
emits IR radiation. Therefore, we would expect the microbolometer to present a better
performance with film #1.

Atomic force microscopy (AFM) was used to characterize the surface average rough-
ness of the three a-SiGe:H,N films. Figure 2 shows 3-D images of the surface of the films
measured in areas of 4 μm × 4 μm employing an AFM (EasyScan, Nanosurf, Liestal,
Switzerland) where it can be observed that film #1 has a sharper surface, while film #3 has
the roughest one. Table 1 shows the average roughness for the three films, where effectively
it is shown that film #1 has the lower average roughness. This is of importance for the
fabrication of microbolometers, where a sharp thermos-sensing film is required to have
suitable electrical contact with the metal electrodes.

Figure 2. Atomic force microscopy (AFM) images of the a-SiGe:H,N films: (a) Film #1, (b) Film #2,
(c) Film #3.

47



Inorganics 2025, 13, 126

Table 1. Average roughness of the three a-SiGe:H,N thermo-sensing films measured with AFM
(Atomic Force Microscopy). The voltage responsivity, current responsivity, and room temperature
resistance of the microbolometers are also shown with the three different films.

Microbolometer
Films

Gases Flow Rates
Used for Deposition

(sccm)

Average
Roughness

(nm)

Voltage
Responsivity

RV
(V/W)

Current
Responsivity

RI
(A/W)

Room
Temperature
Resistance

(Ω)

Film #1 SiH4 = 40 sccm/GeH4 = 10 sccm/
N2 = 100 sccm/H2 = 1000 sccm 4.51 7.26 × 105 5.25 × 102 2.76 × 103

Film #2 SiH4 = 30 sccm/GeH4 = 20 sccm/
N2 = 100 sccm/H2 = 1000 sccm 5.68 4.99 × 105 3.99 × 10−1 1.57 × 108

Film #3 SiH4 = 10 sccm/GeH4 = 40 sccm/
N2 = 100 sccm/H2 = 1000 sccm 8.40 8.16 × 105 2.60 × 10−1 5.72 × 106

2.2. Characterization of Micro-Bolometers

In this section, the results obtained during the characterization of the microbolometer
are presented. Key parameters such as responsivity of both voltage and current (RV, i),
power spectral density (PSD), noise equivalent power (NEP), normalized detectivity (D*),
and noise equivalent temperature difference (NETD) were evaluated. These parameters
are essential for determining the device sensitivity and efficiency, which are crucial for its
performance in infrared detection applications. Tests were conducted under controlled
conditions of temperature, vacuum, and radiation power, using specialized equipment
to ensure accuracy in the results, which are detailed in the following sections. The data
obtained provides valuable insights for optimizing future designs and enhancing device
performance in various infrared detection applications.

2.3. Responsivity (RV, Ri)

Responsivity indicates the microbolometers ability to convert infrared radiation into
an electrical signal. It is calculated both in terms of voltage (RV) and current (Ri) using the
following equations:

RV=
ΔVout

PIR
(V/W) (1)

Ri=
ΔIout

PIR
(A/W) (2)

where Vout and Iout represent the measured output voltage and current, respectively, and
PIR is the incident infrared radiation power [17,18]. Responsivity is a critical indicator in
the characterization of thermal sensors, as it defines the efficiency with which the device
can detect and convert radiation [10].

To measure these parameters, the microbolometer was placed in a cryostat (MMR
Technologies, San Jose, CA, USA) in a vacuum environment of 40 mTorr that allows the
characterization at room temperature conditions and IR illumination for current-voltage
I(V) characterization, connected via microprobes. The I(V) measurements were conducted
at 300 K, controlled and monitored with a Model 331 cryogenic temperature controller
(Lake Shore, Westerville, OH, USA).

Temperature stabilization is necessary for the responsivity characterization to ensure
that the change in electrical resistance is due to the IR radiation absorption and not to
variations in the sensor temperature due to the environment. Also, this characterization is
performed in a vacuum to eliminate undesired heat transference mechanisms, mainly to
reduce heat transfer by convection.
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The I(V) curve was obtained both in the dark and under IR illumination to evaluate the
devices performance. Electrical characterization was performed using a 6517A electrometer
(Keithley, Solon, OH, USA), controlled by a computer through LabView software. The
voltage was applied from 0 to 1.5 V in the dark and under IR radiation. A higher excitation
voltage can increase the responsivity; however, it was limited to 1.5 V to avoid damaging
the sensors, such as a membrane breakdown.

The infrared radiation source was provided by a Kanthal Globar silicon carbide bar,
whose radiation passes through a zinc selenide (ZnSe) window with 70% transmittance in
the range of 0.6 to 20 μm. This radiation is further filtered by a 260 μm thick silicon wafer,
restricting the spectrum to a region of approximately 1–15 μm. The incident radiation,
measuring 220.5 nW, was directed toward the microbolometer using a mirror placed
20 cm away. The IR radiation was measured with an Oriel 71968 thermopile (Newport
Corporation, Irvine, CA, USA), Figure 3 shows the experimental setup [19].

Figure 3. Experimental setup for microbolometer characterization under infrared radiation.

During the experiments, IR radiation was modulated using an optical chopper (Stanford
Research Systems, Sunnyvale, CA, USA). Specifically for the responsivity measurements, the
chopper frequency was fixed to 5 Hz to ensure maximum microbolometer response.

Also, to characterize the thermal response time of the microbolometer, the cutoff
frequency was analyzed, defined as the point at which the output signal decreases by
−3 dB from its maximum value. This 3 dB attenuation corresponds to a reduction to 70.7%
of the maximum detected signal amplitude [20]. The cutoff frequency was found at 70 Hz,
corresponding to a thermal response time of approximately 14 milliseconds.

Figure 4 shows the current-voltage curves obtained from three microbolometers with
different thermo-sensing films deposited under different gas flow conditions, as was
previously discussed. To evaluate the materials IR response, measurements were performed
under two main conditions: in the dark and under IR illumination. In graphs (a), (b), and
(c) of Figure 4, the variation in current as a function of the applied voltage is observed,
comparing the microbolometers response under both dark and IR conditions.

The difference in current (ΔI) and voltage (ΔV) between dark and IR illumination
allows the calculation of the device responsivity, expressed in A/W and V/W, which is an
indicator of the device efficiency in converting incident radiation into an electrical signal.
In addition to responsivity, relevant parameters such as the devices room temperature
resistance are presented. Responsivity varies depending on the thermo-sensing films
deposited with different SiH4/GeH4 gas flow rates, providing insights into how these
factors affect the sensor sensitivity.

Table 1 shows the electrical parameters of three microbolometers with different a-
SiGe:H,N thermo-sensing films deposited with different gas flow rates (see Table 1), which
affects their responsivity and room temperature resistance. Voltage responsivity (V/W)
and current responsivity (A/W) indicate the sensors ability to convert IR radiation into
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electrical signals of voltage and current, respectively, with higher values being indicative
of greater sensitivity. The room temperature electrical resistance (Ω), measured for each
type of microbolometer, provides information on the sensor compatibility with the input
impedance of the silicon CMOS ROIC [21].

(a) (b) 

 
(c) 

Figure 4. Current-voltage curves of three microbolometers with different a-SiGe:H,N thermo-sensing
films under dark conditions and IR illumination: (a) microbolometer with film #1, (b) microbolometer
with film #2, and (c) microbolometer with film #3.

The microbolometer with film #3 had a voltage responsivity of 8.16 × 105 V/W
and a current responsivity of 2.6 × 10−1 A/W, along with a resistance of 5.72 × 106 Ω.
This configuration shows the highest voltage responsivity but also the highest electrical
resistance. The above can be related to the very high roughness of the thermo-sensing film
and an unsuitable metal-semiconductor contact with the metal electrode.

On the other hand, the microbolometer with film #1 shows the highest current respon-
sivity of 5.25 × 102 A/W and also high voltage responsivity of 7.26 × 105 V/W, but with
the lowest resistance of 2.76 × 103. The low microbolometer resistance also contributes
to a good balance between sensitivity and compatibility with the input impedance of the
silicon CMOS ROIC. These data are essential for understanding how variations in the gas
flow rates for the a-SiGe:H,N film deposition affect the microbolometer responsivity and
electrical resistance properties.

2.4. Power Spectral Density (PSD)

Measurements were conducted using an SR780 spectrum analyzer, manufactured
by Stanford Research Systems (SRS), under controlled conditions in a vacuum cryostat
(40 mTorr) at a temperature of 300 K. This device is widely used for signal analysis in the
frequency domain, allowing for precise power spectral density (PSD) measurements in
units of Vrms/

√
Hz.
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The equation used to describe the noise voltage of an open-circuit resistor is:

Vn =
√

4kTRΔ f
(vrms/√

Hz

)
(3)

where k is the Boltzmann constant (1.38 × 10−23 J/K), T is the temperature in Kelvin
(300 K in this case), R is the resistance in ohms, and Δf is the bandwidth in Hz, set in this
experiment to 1 Hz (typically the FFT line width).

Figure 5 shows the PSD distribution and noise contributions in the 3 microbolometers
with different a-SiGe:H,N thermo-sensing films, where it is observed that the microbolome-
ter with film #1 has the lowest Vn value. The results also show that 1/f noise predominates
at low frequencies, while thermal noise becomes more significant at higher frequencies.
Table 2 presents the noise voltage (Δv) in terms of the square root of frequency, which
provides information on the sensor thermal noise level. A lower Δv indicates less noise
in the sensor, which is generally desirable as it implies a cleaner signal [22]. Also, Table 2
shows the room temperature resistance R (Ω) which was experimentally measured.

Figure 5. Power Spectral Density (PSD) distribution and noise contributions in 3 microbolometers
with different a-SiGe:H,N thermo-sensing films.

Table 2. Noise, room temperature resistance, NEP, detectivity and NETD values of microbolometers
with three different a-SiGe:H,N thermo-sensing films.

Microbolometer
Film

F
re

q
u

e
n

cy
(H

z
) vn

(
Vrms/√

Hz
)

Room
Temperature
Resistance

(Ω)

NEP
(
W/√

Hz
)

Detectivity

D∗(
cm

√
Hz /

W
)

NETD
(mK)

Film #1
30 20.2 × 10−9 2.78 × 10−14 1.80 × 109 45.15

100 10.8 × 10−9 2.76 × 103 1.49 × 10−14 3.36 × 109 24.14
140 10.0 × 10−9 1.38 × 10−14 3.63 × 109 22.35

Film #2
30 313 × 10−9 6.28 × 10−13 7.96 × 107 1018

100 196 × 10−9 15.7 × 109 3.92 × 10−13 1.28 × 108 637.38
140 198 × 10−9 3.96 × 10−13 1.26 × 108 643.88

Film #3
30 314 × 10−9 3.84 × 10−13 1.30 × 108 624.43

100 194 × 10−9 5.72 × 106 2.38 × 10−13 2.10 × 108 186.93
140 180 × 10−9 2.20 × 10−13 2.27 × 108 357.95
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2.5. Noise Equivalent Power (NEP)

The NEP represents the minimum detectable power of the microbolometer, where the
signal is equal to the noise level, the equation used is

NEP =
vn

Rv

(
W/√

Hz

)
(4)

where vn is the measured noise voltage and Rv is the voltage responsivity.
Table 2 shows the NEP values of the three different microbolometers with different

a-SiGe:H,N thermos-sensing films for three different values of frequency. The tests yielded
NEP values in the range of 1 × 10−14 (W/

√
Hz), demonstrating the high sensitivity of the

device [23].
In the evaluation of the microbolometers with the three different thermos-sensing

films, film #1 has proven to be the most efficient option in terms of sensitivity and sta-
bility. This configuration presents an optimal balance between low noise levels and high
responsivity, resulting in an improved NEP. Additionally, the resistance values in this
film are moderate, ensuring effective thermal response without compromising operational
stability. These factors make this combination ideal for high-precision infrared detection
applications, maximizing the signal-to-noise ratio and optimizing the overall performance
of the device [24].

2.6. Detectivity (D*)

The normalized detectivity (D*) indicates the ability of the microbolometer to detect
weak signals in the presence of noise. The equation used is

D∗=
RV

√
AΔ f

Vn
[
cm

√
Hz

W
] (5)

where A is the detector area in cm2, Δf is the bandwidth, RV is the voltage responsivity,
and Vn is the noise voltage, previously calculated [25].

For the detectivity calculation, tests were performed under controlled temperature
and frequency conditions. Equation (5) was used, considering the microbolometer area of
50μm × 50μm. The results are shown in Table 2, indicating that the highest detectivity cor-
responds to the microbolometer with film #1. As the frequency increased to 30 Hz, 100 Hz,
and 140 Hz, the detectivity values were still high, suggesting that this microbolometer main-
tains high sensitivity across the frequency spectrum. This highlights the microbolometers
ability to differentiate between incident radiation signals and background noise. The higher
the detectivity, the greater the detector sensitivity, enabling it to detect weaker signals
above the noise level [26]. A detectivity of the order of 109 cm

√
Hz/W was obtained, which

is suitable for high-precision thermal imaging applications.

2.7. Noise Equivalent Temperature Difference (NETD)

The NETD represents the minimum temperature difference that the microbolometer
can detect, indicating its thermal sensitivity. The equation used to calculate the NETD is

NETD =
4F2Vn

τ0 ARV

(
ΔP
ΔT

)
λ1−λ2

(6)

where
(

ΔP
ΔT

)
λ1−λ2

is the power emitted by a blackbody per unit of temperature within the

spectral range, A is the area of the microbolometer, τ0 is the transmittance of the optical
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system, F is the f-number of the lens, Vn is the measured noise voltage, and RV is the
responsivity of the device [27].

The NETD tests were conducted using an F/1 optical system with a transmittance
τ0 = 0.5, along with a temperature contrast in the 8–12 μm spectral band at 300 K of(

ΔP
ΔT

)
8−12

= 1.972 W/m2K. Table 2, shows the NETD values calculated at three different

frequencies.
The microbolometer demonstrated a NETD below 50 mK, ensuring its ability to detect

very subtle temperature changes in the range of 8 to 12 μm of the infrared spectrum. The
obtained NETD values confirm the high thermal sensitivity of the microbolometer, with
film #1 being the most suitable for high-precision thermal imaging applications.

2.8. Resistance Versus Temperature (R(T))

Finally, we performed measurement of the microbolometer resistance as a function
of temperature R(T) to demonstrate its operational range. For this characterization, the
microbolometer was placed in a vacuum cryostat (MMR Technologies, San Jose, CA, USA)
at 40 mTorr and current-voltage I(V) characteristics were obtained at different temperatures,
in a range of 300 K to 430 K, with steps of 10 K.

Figure 6a shows the voltage bias plotted as a function of current from the microbolome-
ter with the a-SiGe:H,N film #1. For clarity, the selected curves are shown at temperatures
of 300 K, 350 K, 370 K, 410 K, and 430 K. In each curve, in the linear region, the slope was
extracted, corresponding to the electrical resistance.

Figure 6. (a) Current-voltage I(V) characteristics of the microbolometer with a-SiGe:H,N film #1 at
different temperatures ranging from 300 K to 430 K. (b) Temperature dependence of the electrical
resistance R(T) of the microbolometer with a-SiGe:H,N film #1.

From these measurements, the temperature dependence of the electrical resistance
R(T) was obtained and is presented in Figure 6b. The resulting curve reveals a clear negative
temperature coefficient of resistance (TCR), characteristic of amorphous semiconductors.
This behavior confirms that the film remains sensitive throughout the measured range,
making it suitable for uncooled infrared detection applications.

3. Materials and Methods

3.1. Thermo-Sensing Film Deposition Conditions

Three different a-SiGe:H,N films were used as thermos-sensing films in microbolome-
ters, based on our previous work, where these kinds of films were studied [28]. The films
were deposited from an SiH4, GeH4, N2, and H2 gas mixture in a low frequency (110 KHz)
capacitively coupled PECVD reactor (Applied Materials, Inc., Santa Clara, CA, USA) at
200 ◦C, with an RF power of 300 W (corresponding to a power density of 87 mW/cm2).
Film #1 was deposited with flow rates of SiH4 = 40 sccm/GeH4 = 10 sccm/N2 = 100 sccm/
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H2 = 1000 sccm. This film exhibits an activation energy (Ea) of 0.36 eV, a TCR of 4.65%/K,
and conductivity of 7.56 × 10−6 (Ω·cm)−1. Film #2 was deposited with flow rates of
SiH4 = 30 sccm/GeH4 = 20 sccm/N2 = 100 sccm/H2 = 1000 sccm, with an Ea of 0.24 eV,
a TCR of 3.15%/K, and conductivity of 1.47 × 10−3 (Ω·cm)−1. Finally, film #3 was de-
posited with flow rates of SiH4 = 10 sccm/GeH4 = 40 sccm/N2 = 100 sccm/H2 = 1000 sccm.
This film has an Ea of 0.17 eV and a low TCR of 2.23%/K but a high conductivity
(3.24 × 10−2 (Ω·cm)−1), which facilitates its integration with the read-out integrated circuit
(ROIC) based on the silicon CMOS technology [29].

3.2. Microbolometers Fabrication

The fabrication of microbolometers was carried out using silicon technology on a two-
inch silicon wafer. The microbolometer fabrication process began with the initial silicon
wafer surface cleaning using the standard RCA process: RCA I composed of deionized
water/ammonium hydroxide/hydrogen peroxide and RCA II composed of deionized
water/hydrogen chloride/hydrogen peroxide (J.T. Baker, Easton, PA, USA). The above
cleaning process is used to remove organic and metallic contaminants. The native oxide of
the wafer was removed using a solution of deionized (DI) water and hydrofluoric acid (J.T.
Baker, Easton, PA, USA), preparing the wafer for subsequent stages (Figure 7a). A 1 μm
thick layer of silicon dioxide (SiO2) was then grown across the wafer, providing thermal
and electrical insulation between the microbolometer and the substrate (Figure 7b) [30].
A 0.6 μm titanium layer was deposited using electron beam evaporation (e-beam). The
lift-off technique was used to define the metallic contacts and reflective mirrors [31]. These
mirrors redirect unabsorbed infrared radiation back toward the sensing film, maximizing
detection efficiency (Figure 7c).

 

Figure 7. Fabrication process scheme of the microbolometer: (a) Cleaning of the silicon wafer,
(b) SiO2 deposition for thermal insulation, (c) titanium deposition and patterning for contacts and
reflective mirrors, (d) Application of the sacrificial polyimide layer, (e) Etching to expose the con-
tacts, (f) Titanium deposition and patterning for sensor film contact electrodes, (g) Deposition and
definition of the a-SiGe:H,N film, (h) Complete removal of the polyimide sacrificial film, (i) final
fabricated microbolometer.
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To form the microbolometer, the goal is to thermally insulate a sensor film by sus-
pending it from the surface. A sacrificial polyimide 2610 Kapton film (DuPont corporation,
Wilmington, DE, USA), with a thickness of 2.5 μm, was applied across the surface using
the spin coating technique at 2500 rpm. This creates a Fabry-Perot resonant cavity at a
quarter wavelength of 10 μm, corresponding to 300 K, enhancing absorption and sensitivity
(Figure 7d) [32]. Windows were etched in the polyimide layer to expose the underlying
metal contacts. For this step, a 120 nm-thick aluminum film was used as a hard mask,
patterned by the lift-off process. A photomask with a dark-field layout and positive pho-
toresist AZ1505 (MicroChemicals GmbH, Ulm, Germany) was employed. The pattern
was transferred to the polyimide using anisotropic etching via a Reactive Ion etching, RIE
AME-8110 tool (Applied Materials, Inc., Santa Clara, CA, USA). The etching process was
carried out using an oxygen plasma at a pressure of 100 mTorr, RF power of 250 W, and gas
flow rate of 80 sccm, with a total etching time of 20 min. These parameters were optimized
to ensure clean and accurate pattern transfer, enabling proper electrical continuity through
the exposed contacts. (Figure 7e).

Subsequently, an additional 0.4 μm titanium layer was deposited to form the con-
nection electrodes between the metal pads and the sensor film. These electrode patterns
were defined using lithography and a lift-off process (Figure 7f). Over the electrodes, a
0.5 μm thick a-SiGe:H,N was deposited, acting as the infrared-absorbing film (Figure 7g).
The addition of N2 to the film enhances the infrared absorption, as was reported in our
previous work [28]. The films deposition was performed via low frequency PECVD (Ap-
plied Materials, Inc., Santa Clara, CA, USA) working at 110 KHz, with an RF power of
300 W (corresponding to a power density of 87 mW/cm2) and a substrate temperature
of 200 ◦C. After deposition, thermal treatment was conducted in the chamber without
breaking the vacuum, allowing a nitrogen flow of 20 sccm, a pressure of 1200 mTorr, and a
temperature of 200 ◦C. This process improves the films residual stress and optimizes its
conductivity [33]. The treatment lasted for 4 continuous hours.

The process concluded with the removal of the sacrificial polyimide film using oxygen
plasma with a barrel asher L2101 (Branson/IPC, Hayward, CA, USA) for isotropic etching.
The above allows the release of the suspended membrane, providing thermal insulation
to the sensing film and improving the response to rapid temperature variations induced
by infrared (IR) radiation (Figure 7h). The device, with dimensions of 50 × 50 μm2, has
low thermal capacity, ensuring superior performance in infrared detection applications by
minimizing heat loss and enhancing sensitivity (Figure 7i). Figure 8 shows images of the
fabricated microbolometer obtained with a scanning electron microscope (SEM) SU3500
(Hitachi, Tokyo, Japan).

 

Figure 8. SEM images of the fabricated microbolometer of an area of 50 μm × 50 μm: (a) top view
and (b) view at a 60 degree inclination.
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4. Conclusions

The research carried out in this work demonstrated that microbolometers fabri-
cated with nitrogen-doped hydrogenated silicon-germanium films (a-SiGe:H,N), using
LF-PECVD, achieved excellent thermal sensitivity and operational stability. Particularly the
device configuration with the a-SiGe:H,N film deposited with a ratio of SiH4/GeH4 = 40/10
(highly diluted in H2 and N2), reached a voltage responsivity of 7.26 × 105 V/W and a
NETD of 22.35 mK at 140 Hz. These characteristics and a significant reduction in 1/f
noise above 100 Hz highlight the devices potential for high-precision uncooled thermal
imaging applications, making it compatible with silicon CMOS technology and suitable for
integration into portable and low-power systems.
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Abstract: This study explores the enhancement of antimicrobial and biomedical properties
in Fe-based bulk metallic glasses (BMGs) through the addition of Ag. Fe55-xCr20Mo5P13C7Agx

(x = 0, 1, 2, 3 at.%) master alloy ingots were synthesized by the induction melting technique
and industrial-grade raw materials, the master alloy ingots were prepared as bulk metallic
glasses (referred to as Ag0, Ag1, Ag2, and Ag3) by the water-cooled copper-mold suction
casting technique, and their glass-forming ability, corrosion resistance, biocompatibility,
and antimicrobial properties were systematically investigated. The results indicate that
the glass forming ability (GFA) decreased with increasing Ag content, reducing the critical
diameter for fully amorphous formation from 2.0 mm for Ag0 to 1.0 mm for Ag3. Electro-
chemical tests in Hank’s solution revealed the superior corrosion resistance of the Fe-based
BMGs as compared with conventional 316 L stainless steel (316L SS) and Ti6Al4V alloy
(TC4), with Ag3 demonstrating the lowest corrosion current density and the most stable
passivation. Biocompatibility assessments, including fibroblast cell viability and adhesion
tests, showed enhanced cellular activity and morphology on Fe-based BMG surfaces as
compared with 316L SS and TC4, with minimal harmful ion release. Antimicrobial tests
against E. coli and S. aureus revealed significantly improved performance with the Ag addi-
tion, achieving bacterial inhibition rates of up to 87.5% and 86.7%, respectively, attributed
to Ag+-induced reactive oxygen species (ROS) production. With their excellent corrosion
resistance, biocompatibility, and antimicrobial activity, the present Ag-containing Fe-based
BMGs, particularly Ag3, are promising candidates for next-generation biomedical implants.

Keywords: Fe-based bulk metallic glasses; Ag addition; antimicrobial properties;
biocompatibility

1. Introduction

The continuous development of the medical field has driven the demand for enhanced
biomedical materials with superior functionality, safety, and patient comfort. Currently,
ceramics, medical stainless steel (316L SS), and titanium alloys (e.g., Ti6Al4V, TC4) dominate
the medical implant market due to their mechanical strength, corrosion resistance, and
biocompatibility. However, these materials have notable limitations that restrict their
application in modern medical practices. For instance, 316L SS is prone to corrosion in
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physiological environments, leading to the release of Ni ions, which can cause inflammatory
and allergic reactions such as nickel allergy [1]. Additionally, its wear resistance and
antimicrobial properties are insufficient for advanced medical applications. Although TC4
titanium alloy offers better corrosion resistance and biocompatibility, its inert surface often
necessitates additional activation treatments to improve cell adhesion and reduce bacterial
colonization [2,3].

One of the most critical challenges of using traditional materials is the high risk of
device-associated infections primarily caused by bacterial adhesion and biofilm formation
on implant surfaces [4]. Such infections contribute to prolonged patient recovery, high
morbidity, and increased healthcare costs. The global rise of drug-resistant and multidrug-
resistant bacteria has further amplified this issue, necessitating the development of novel
antimicrobial biomaterials [5–7]. Conventional disinfection and sterilization techniques
often fail to eradicate biofilms, prompting the exploration of advanced materials capable of
intrinsic antimicrobial activity.

Recent advancements in materials science have highlighted the potential of bulk
metallic glasses (BMGs) as next-generation biomaterials. BMGs are unique metallic alloys
with amorphous structures characterized by the absence of grains, grain boundaries, and
dislocations. This structure endows BMGs with exceptional mechanical properties, su-
perior corrosion resistance, and improved biocompatibility as compared with traditional
crystalline metals [8,9]. Thus, BMGs have a good prospect for biomedical use and poten-
tially as biomedical materials, especially as surgical instruments such as gastrointestinal
endoscopes, razor blades, and other medical devices such as artificial implants [8,10]. In
particular, Fe-based BMGs have emerged as promising candidates for biomedical applica-
tions due to their cost-effectiveness and compatibility with magnetic resonance imaging
(MRI), outperforming alternatives like 316L SS [11,12]. However, despite their outstanding
corrosion resistance and mechanical strength, the antimicrobial properties of Fe-based
BMGs remain underexplored.

Among the various strategies for imparting antimicrobial properties, the incorporation
of Ag into biomaterials has gained significant attention. Ag is widely recognized as a
potent antimicrobial agent due to its ability to disrupt bacterial membranes and metabolic
pathways through the generation of reactive oxygen species (ROS) [13]. Unlike antibiotics,
Ag remains effective against multidrug-resistant bacteria, making it an ideal additive for
biomedical applications [14–19]. Incorporating Ag into Fe-based BMGs could potentially
enhance their antimicrobial performance while retaining the intrinsic advantages of BMGs,
such as high strength and biocompatibility.

This study seeks to address the gap in the development of antimicrobial Fe-based
BMGs by examining the effects of Ag addition on their structural, thermal, mechanical,
and electrochemical properties, as well as their biocompatibility and antimicrobial efficacy.
Previous work by Li et al. demonstrated the development of Fe55Cr20Mo5P13C7 BMG
as a novel biomedical implant material, showcasing excellent corrosion resistance and
biocompatibility [3]. In this work, Ag is incorporated into this Fe-based BMG to further
enhance its antibacterial properties. The antimicrobial effectiveness of these Ag-containing
Fe-based BMGs is evaluated using both Gram-negative bacteria (E. coli) and Gram-positive
bacteria (S. aureus), pathogens commonly implicated in healthcare-associated infections.
Comparative studies with 316L SS and TC4 alloys are also conducted to benchmark the
performance of the developed materials.

This work not only demonstrates the enhanced antimicrobial properties of Fe-based
BMGs through Ag addition but also highlights their potential as cost-effective, biocom-
patible materials for biomedical implants. By addressing the dual challenges of bacterial
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infection and material biocompatibility, this study contributes to advancing the field of
medical materials and presents Fe-based BMGs as promising candidates for next-generation
implantable devices.

2. Results and Discussion

2.1. Structural, Thermal, and Mechanical Analyses

The X-Ray diffraction (XRD) patterns of the as-cast Fe55-xCr20Mo5P13C7Agx (x = 0, 1,
2, 3 at.%) samples, shown in Figure 1, reveal the critical diameter for fully amorphous for-
mation (Dmax). All samples exhibit a broad diffuse peak near the diffraction angle 2θ = 45◦,
with no discernible sharp-crystallization peaks. This confirms that the Fe-based bulk metal-
lic glasses (BMGs) prepared in this study possess a fully amorphous structure, free from any
crystalline phases. Notably, the absence of toxic or rare earth elements further underscores
the suitability of these alloys for biomedical applications. For simplicity in the subsequent
discussion, the Fe55Cr20Mo5P13C7Ag0, Fe54Cr20Mo5P13C7Ag1, Fe53Cr20Mo5P13C7Ag2, and
Fe52Cr20Mo5P13C7Ag3 BMGs will be referred to Ag0, Ag1, Ag2, and Ag3, respectively.

Figure 1. XRD patterns of the as-cast Fe55-xCr20Mo5P13C7Agx (x = 0, 1, 2, 3 at.%) glassy alloy rod
samples with critical diameter for fully amorphous formation.

Figure 2 presents the DSC curves of the as-cast Fe-based BMG samples at a heating rate
of 0.33 K/s. All samples exhibit a pronounced glass transition, followed by a supercooled
liquid-phase region and a multi-step crystallization process [3]. These thermal features
are indicative of their amorphous natures and provide a basis for determining essential
thermodynamic parameters, such as glass transition temperature (Tg), onset crystallization
temperature (Tx), melting temperature (Tm), and liquidus temperature (Tl), which are
summarized in Table 1. The analysis reveals that both Tg and Tx increase with the addition
of Ag content in the Fe-based BMGs.

To investigate the effect of Ag content on the glass-forming ability (GFA) of the Fe-
based alloys, the three most commonly used GFA criteria, i.e., the reduced glass transition
temperature Trg (=Tg/Tl), the γ parameter (=Tx/(Tg + Tl)) and the supercooled liquid-
phase region ΔTx (=Tx − Tg), were calculated and are listed in Table 1. These results
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show that the Trg and γ values remain relatively consistent at approximately 0.58 and 0.38,
respectively, across all samples. However, ΔTx decreases as Ag content increases, indicating
a reduction in GFA with higher Ag content. This trend aligns with the experimentally de-
termined results of Dmax. The observed reduction in GFA can be attributed to the enthalpy
of mixing between the Ag and Fe atoms, which is calculated as +28 kJ/mol [20]. This
positive enthalpy value indicates a repulsive interaction between Ag and Fe atoms. Such
interactions promote the precipitation of the α-Fe phase, thereby disrupting the amorphous
structure and significantly reducing the GFA of Fe-based BMGs. This behavior is analogous
to the effect observed with the addition of Cu in Fe-based amorphous alloys [21], where
similarly repulsive atomic interactions favor the nanocrystallization of α-Fe and hinder
glass formation.

Figure 2. DSC thermal scans of the Fe-based BMGs at a heating rate of 0.33 K/s.

Table 1. Thermodynamic parameters and GFA criterion values for the Fe-based BMGs samples
(Tm: melting temperature; Tl: liquidus temperature; Tg: glass transition temperature; reduced glass
transition temperature: T rg = Tg/Tl; width of supercooled liquidus zone: ΔT = Tx − Tg; γ criterion:
γ = Tx/Tg + Tl).

Samples
Dmax

(mm)
Tg

(K)
Tx
(K)

Tm

(K)
Tl

(K)
Trg ΔTx (K) γ

Ag0 2 784 809 1280 1349 0.58 25 0.380

Ag1 1 794 813 1284 1348 0.58 19 0.379

Ag2 1 797 815 1282 1349 0.59 18 0.379

Ag3 1 805 820 1286 1396 0.57 15 0.372

Figure 3 shows the compression curves of Fe-based BMGs at room temperature, and
the test samples are all 1 mm in diameter and 2 mm in length. All the samples exhibit brittle
fracture after linear elastic deformation. The Fe-based BMGs exhibit ultrahigh compression
strength (σf) exceeding 2 GPa, which gradually increases with the increase in Ag content
and reaches the largest value of 2.34 GPa for the Ag3. It is well known that the strength
of amorphous alloys is proportional to their Tg [22]. It can be seen from Table 1 that
the variation in σf of the Fe-based BMGs is consistent with their Tg values, showing a
positive correlation.
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Figure 3. Engineering stress–strain curves of the as-cast Fe-based amorphous alloy rod samples with
a diameter of 1 mm and a length of 2 mm at room temperature.

2.2. Electrochemical Measurement

Figure 4 presents the potentiodynamic polarization curves of Fe-based BMGs, 316L
SS, and TC4 in Hank’s solution at 37 ◦C. These tests, conducted in a thermostatic water
bath under an atmospheric environment, provide valuable insights into the electrochemi-
cal corrosion parameters, including self-corrosion potential (Ecorr), self-corrosion current
density (Icorr), pitting potential (Epit), and corrosion rate (CR), as summarized in Table 2.
The Icorr values serve as indicators of the corrosion resistance of the materials, while the
Epit value and the width of the passivation potential region (ΔE = Epit − Ecorr) represent
the stability of the passive film. The 316L SS shows the highest Icorr and the poorest passi-
vation behavior, reflecting its inferior corrosion resistance. In contrast, TC4 demonstrates
good corrosion resistance, with Icorr values comparable to Ag2 and Ag3. However, TC4
falls short in passivation stability as compared with Ag3. Among the Fe-based BMGs,
the incorporation of Ag significantly improves their corrosion performance. As the Ag
content increases, Icorr decreases, and the corrosion resistance improves. Ag3 displays
the lowest Icorr and the most stable passivation behavior, indicating superior corrosion
resistance. Its wide passivation potential range and minimal Icorr highlight its effectiveness
in resisting corrosive environments. These findings underscore the potential of Ag3 for
biomedical applications, as it outperforms both 316L SS and TC4 in corrosion resistance
and passivation stability.

Table 2. Electrochemical parameters obtained from the potentiodynamic polarization curves in
Hank’s solution at 37 ◦C. (Icorr: corrosion current density; Ecorr: corrosion potential; Epit: pitting
potential; CR: corrosion rate).

Alloys
Icorr

(×10−6

A/cm2)

Ecorr

(mV)
Epit

(mV)

ΔE = Epit −
Ecorr
(mV)

CR
(10−3 mm/a)

316L SS 4.09 ± 0.16 −229 ± 21 518 ± 13 747 ± 35 4.56 ± 0.2

TC4 0.81 ± 0.22 −76 ± 13 - - 0.90 ± 0.3
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Table 2. Cont.

Alloys
Icorr

(×10−6

A/cm2)

Ecorr

(mV)
Epit

(mV)

ΔE = Epit −
Ecorr
(mV)

CR
(10−3 mm/a)

Ag0 3.43 ± 0.17 −115 ± 14 1062 ± 9 1177 ± 22 3.77 ± 0.4

Ag1 1.23 ± 0.18 −189 ± 14 1004 ± 12 1193 ± 25 1.34 ± 0.2

Ag2 0.62 ± 0.13 −81 ± 8 571 ± 11 652 ± 20 0.69 ± 0.4

Ag3 0.51 ± 0.11 −166 ± 12 473 ± 15 639 ± 25 0.56 ± 0.2

Figure 4. Potentiodynamic polarization curves of the Fe-based BMGs, 316L SS, and TC 4 in Hank’s
solution at 37 ◦C.

2.3. Metal Ion Release

Figure 5 illustrates the ion concentrations released into Hank’s solution from the
Fe-based BMGs, 316L SS, and TC4 after potentiodynamic polarization. The results reveal
that 316L SS releases significantly higher concentrations of Fe, Cr, Mo, Mn, and Ni ions as
compared with the Fe-based BMGs. This elevated ion release is attributed to the inferior
corrosion resistance of 316L SS, which leads to a greater dissolution of metal ions in
physiological environments. Notably, the release of Ni ions is particularly concerning, as Ni
can interfere with enzymatic activity and trigger inflammatory and allergic responses [23].
Consequently, the high levels of Ni released from 316L SS significantly compromises its
biocompatibility. In contrast, both TC4 and Fe-based BMGs demonstrate minimal ion
release, a direct result of their superior corrosion resistance. Among the Fe-based BMGs,
those with higher Ag contents exhibit a slightly increased release of Ag ions, reflecting the
incorporation of Ag as an antimicrobial agent. Nevertheless, the overall ion release from
Fe-based BMGs remains exceptionally low, effectively minimizing the risk of harmful ions
leaching into the body. These findings highlight the potential of the Fe-based BMGs as safe
and reliable materials for biomedical implants, offering a combination of excellent corrosion
resistance and minimal ion release, which are critical for maintaining biocompatibility and
preventing adverse reactions in clinical applications.
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Figure 5. The concentrations of ions dissolved into the Hank’s solution after potentiodynamic
polarization. The insets are the enlarged-scale views to clearly show the low ion concentrations.

2.4. Biocompatibility

Figure 6 illustrates the cell viability ratio (Rcv) of the Fe-based BMGs, 316L SS, and TC4
extracts over 1, 3, 5, and 7 days of incubation. The survival rate for all experimental groups
ranged from 75% to 99%, corresponding to a toxicity grade of 0 or I, which aligns with the
national standards for toxicity testing of medical and hygienic materials [24]. Among the
tested materials, 316L SS consistently exhibited the lowest cell viability as compared to the
control, attributed to the release of cytotoxic ions such as Ni. In contrast, the cell viability
of the Fe-based BMG was 8% and 1% higher than that of 316L SS and TC4, respectively,
although a slight decrease was observed with the increasing Ag content. Compared with
Ag0, the cell viability of Ag3 decreased by 10%.

Figure 7 presents the adherent morphology of L929 cells under an inverted fluores-
cence microscope after 1, 3, 5, and 7 days of culture. By day 7, all samples showed a
substantial increase in cell density, with cells spreading and extending in a shuttle-like
pattern at low density. The results reveal no significant differences between the control and
experimental groups, indicating that none of the tested materials had adverse effects on
cell growth.

Figure 6. Cytotoxicity of L929 cells in the Fe-based BMGs, 316L SS, and TC4 extraction media for 1, 3,
5, and 7 days.
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Figure 7. Morphologies of L929 cells cultured with the Fe-based BMGs, 316L SS, and TC4 samples’
extractions after 1, 3, 5, and 7 days.

To further examine cell attachment and morphology, Figure 8 provides SEM images
of L929 cells adhering to the surfaces of the Fe-based BMGs, TC4, and 316L SS after
7 days of culture. The surface of the Fe-based BMGs was nearly completely covered with
cells, reflecting their superior biocompatibility. In contrast, the surfaces of TC4 and 316L
SS showed fewer adherent cells. The reduced cell attachment on TC4 is attributed to its
biological inertness, which requires surface activation to improve cell adhesion. Meanwhile,
316L SS significantly reduced cell viability and attachment due to the release of toxic ions,
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such as Ni and Cr. SEM observations also showed intact cell morphology on all Fe-based
BMG surfaces, indicating healthy cell growth without signs of rupture.

Figure 8. SEM images of L929 cells adhesion on the surfaces of (a) Ag0, (b) Ag1, (c) Ag2, (d) Ag3,
(e) TC4, and (f) 316L SS and their corresponding local enlarged images.

These findings collectively highlight the superior biocompatibility of the Fe-based
BMGs as compared with TC4 and 316L SS, demonstrated by higher cell attachment, better
cell morphology, and stronger cell activity across all tests.

2.5. Antibacterial Activity

Figure 9 illustrates the bacterial inhibition rates of the Fe-based BMGs, 316L SS, and
TC4 against E. coli and S. aureus at 3, 12, and 24 h of incubation. All six materials exhibit
antibacterial properties to varying degrees. The Fe-based BMGs reduce bacterial attachment
due to their amorphous microstructure, which limits the growth and proliferation of
bacteria. Similarly, TC4 impedes bacterial attachment, owing to its inert surface. Meanwhile,
316L SS exhibits antibacterial performance partly due to the release of ions such as Cr,
Fe, Mo, and Ni. However, its effectiveness remains inferior to the Ag-containing Fe-
based BMGs.
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Figure 9. Antibacterial rates of the Fe-based BMGs, 316L SS, and TC4: (a) E. coli and (b) S. aureus.

The addition of Ag significantly enhances the antimicrobial performance of the Fe-
based BMGs. At the early stage (3 h), the bacterial inhibition rate is similar across the
samples, except for the Ag0, likely due to insufficient release of Ag ions. Over time
(12–24 h), the antimicrobial performance of the Ag-containing Fe-based BMGs improves
markedly, surpassing both TC4 and 316L SS. This enhanced performance can be attributed
to the release of Ag+ ions, which trigger the reactive oxygen species (ROS) mechanism. ROS,
including superoxide radicals, hydrogen peroxide, and hydroxyl radicals, disrupt bacterial
membranes and induce oxidative damage, ultimately leading to cell death. Among the
samples, the Ag3 demonstrates the highest antibacterial effect, achieving an inhibition rate
of 87.5% against E. coli. Similarly, for S. aureus, the Ag3 exhibits an antimicrobial rate of
86.7%, significantly outperforming 316L SS (54.6%) and the Ag0 (48.7%).
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To further analyze the antibacterial behavior, bacterial adhesion was observed using
FESEM after 24 h of incubation. Figure 10 shows minimal E. coli adhesion on the surfaces of
the Ag-containing Fe-based BMGs, with only a few bacterial colonies observed on the Ag3.
In contrast, the Ag0 exhibits higher bacterial aggregation, reflecting its weaker antimicrobial
performance. Figure 11 highlights similar trends for S. aureus. The Ag0 and 316L SS show
substantial bacterial adhesion, with dense colonies covering their surfaces. Interestingly,
the diameter of S. aureus colonies on the Ag0 is relatively small (0.2 μm), indicating limited
bacterial growth. However, as the Ag content increases, bacterial adhesion is significantly
reduced. The surface of the Ag3 shows only a few isolated bacterial colonies, demonstrating
its superior antimicrobial effectiveness.

Figure 10. SEM images of E. coli adhesion on the surfaces of (a) Ag0, (b) Ag1, (c) Ag2, (d) Ag3,
(e) TC4, and (f) 316L SS and their corresponding local enlarged images.
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Figure 11. SEM images of S. aureus adhesion on the surfaces of (a) Ag0, (b)Ag1, (c) Ag2, (d) Ag3,
(e) TC4, and (f) 316L SS and their corresponding local enlarged images.

3. Materials and Methods

3.1. Material Preparation

Fe55−xCr20Mo5P13C7Agx (x = 0, 1, 2, 3 at.%) master alloy ingots were synthesized
through induction melting of high-purity raw materials, including Fe (99.9 wt.%), Cr
(99.9 wt.%), Mo (99.9 wt.%), graphite (99.9 wt.%), Ag (99.9 wt.%), and Fe3P (99.5 wt.%),
under a high-purity argon atmosphere after a vacuum of approximately 10−5 Pa. The result-
ing alloy ingots were subsequently processed into glassy alloy rods of varying diameters
using a copper-mold suction casting technique under the protection of pure argon gas.

3.2. Material Characterization

The amorphous structure of the as-cast alloy samples was verified using X-Ray diffrac-
tion (XRD) analysis performed on a Bruker D8 Advance diffractometer (Bruker AXS GmbH,
Karlsruhe, Germany) equipped with Cu Kα radiation (operating at 30 kV and 30 mA) at
room temperature. The thermal behavior of the samples was analyzed via differential
scanning calorimetry (DSC, NETZSCH, Görlitz, Germany) under an argon atmosphere,
with a heating rate of 0.33 K/s.

To evaluate the mechanical properties, compression testing was conducted. The test
samples, each with a diameter of 1 mm, were precisely cut to lengths of 2.5 mm. The ends
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of these samples were meticulously polished and smoothened using 2000-grit sandpaper
to achieve a final length of 2 mm. Compression tests were performed at room temperature
using an electronic universal testing machine (ETM105D, Wance, Shenzhen, China). To
ensure data reliability, each test was repeated five times for each alloy composition.

3.3. Electrochemical Measurements

Electrochemical testing was conducted to evaluate the corrosion resistance of the
Fe-based BMGs, 316L SS, and TC4, all prepared as 1 mm diameter bars. The experiments
were performed using a Zahner Zennium X (Zahner, Neuss, Germany) electrochemical
workstation in a three-electrode cell configuration. The setup included a platinum electrode
as the auxiliary electrode, a saturated calomel electrode as the reference, and the test sample
as the working electrode. The temperature was maintained at 37 ◦C using a water bath,
with Hank’s solution (simulated body fluids, pH 7.4, supplied by China Beijing Biotech
Ltd., Beijing, China) serving as the electrolyte.

Before testing, all samples were thoroughly polished with progressively finer grit
sandpaper (600, 800, 1200, 2000, 3000, 4000, and 6500), followed by cleaning with alcohol
via brief ultrasonication and air drying to ensure clean, smooth surfaces. The samples
were immersed in the electrolyte for 30 min to establish a stable open-circuit potential
before electrochemical polarization. The polarization curves were recorded at a scan rate of
1 mV/s over a potential range of −0.5 V to 1.6 V. The electrochemical corrosion parameters,
including corrosion potential (Ecorr), corrosion current density (Icorr), pitting potential (Epit),
and corrosion rate (CR), were derived from the kinetic potential polarization curves to
comprehensively assess the corrosion resistance of the tested materials.

3.4. ICP Test

The concentration of ions released into Hank’s solution following kinetic potential
polarization was quantified using full-spectrum, direct-reading inductively coupled plasma
atomic-emission spectrometry (ICP-AES) with a PerkinElmer Optima 8000 spectrometer
(PerkinElmer, Waltham, MA, USA). Each experimental group was measured in triplicate,
and the results were averaged to ensure accuracy and reliability.

3.5. Cytocompatibility Evaluation
3.5.1. Cell Culture

Mouse embryonic fibroblasts (L929 cell line, Servicebio) were maintained in a basal
medium consisting of Minimum Essential Medium (MEM, Servicebio) supplemented with
10% fetal bovine serum (FBS, Servicebio) and 1% penicillin–streptomycin antibiotics (Service-
bio).The mouse embryonic fibroblasts (L929 cell line) were obtained from Servicebio (Wuhan,
China)(Cat#: STCC20025P). The NCTC clone 929 [L cell, L-929, derived from C3H/An L species]
cell line is a clone of the L cell line created in March of 1948. The L cell line is among the first
established continuous cell lines, with L-929 being one of the early clonal derivatives. The
parent L cell line was developed from the subcutaneous loose connective and adipose tissue of a
100-day-old male C3H/An mouse. At passage 95, the L cell line was employed to isolate single
cells by capillary cloning to generate the L-929 clone. The cells were cultured in a humidified
incubator at 37 ◦C with 5% CO2 to ensure optimal growth conditions. After initial incubation,
the cells were washed with phosphate-buffered saline (PBS, Servicebio) and replenished with
fresh medium. Following approximately 48 h of incubation, the cells were allowed to proliferate
until they reached confluence at the bottom of the culture flask.

To harvest the cells, 0.25% trypsin solution was used to enzymatically detach them
from the culture surface. The reaction was terminated by adding a growth medium

70



Inorganics 2025, 13, 105

comprising 44 mL MEM, 5 mL FBS, and 1 mL penicillin–streptomycin solution. The cells
were subsequently counted using the plate counting method, and the cell concentration
was adjusted to 10,000 cells per well for downstream experiments.

3.5.2. Cell Counting Kit-8 (CCK-8) Test

To ensure consistent and controlled experimental conditions, the samples used in this
study, including the Fe-based BMGs, 316L SS, and TC4, were prepared as 3 mm × 1 mm
sheets and polished to a mirror finish. The samples were thoroughly cleaned using an
ultrasonic machine with anhydrous ethanol and deionized water for 10 min, followed
by drying and sterilization in an autoclave to guarantee sterility. Three replicates of each
sample were prepared and handled in an ultra-clean biological laboratory to maintain
contamination-free conditions.

The prepared samples were inoculated into 24-well plates along with a blank group
(no cells) and a control group (cells without material). Mouse embryonic fibroblast cells
(5000 cells/well) were seeded into the 24-well plates and incubated in a humidified incu-
bator at 37 ◦C with 5% CO2. Cell viability was assessed at four time points: 1, 3, 5, and
7 days. At each time point, 90 μL of cell suspension from each well was transferred to
a 96-well plate, and 10 μL of CCK-8 reagent was added. The mixture was homogenized
and incubated at 37 ◦C for 2 h. Following incubation, spectrophotometric absorbance
measurements were taken at 450 nm using an enzyme-linked microplate reader.

For each experiment, three replicates (sample and control) were analyzed to ensure
data reliability. The relative cell viability (Rcv) of each sample was calculated using the
following formula: Rcv = (cell activity in experimental extract)/(cell activity in negative
control). Calculate the standard deviation of the data from multiple experimental results
using the standard deviation formula, and then use the standard deviation to represent the
error. In the graph, set the length of the error bars to the standard deviation.

3.5.3. Cell Adhesion

Cell growth and adhesion were systematically evaluated at intervals of 1, 3, 5, and
7 days during the CCK-8 experiments. Observations and photographic documentation
were performed using inverted fluorescence microscopy (Leica DMi8, Wetzlar, Germany).
Following the 7-day incubation period, the samples co-cultured with cells were carefully
removed and rinsed three times with phosphate-buffered saline (PBS) to eliminate any non-
adherent cells. Subsequently, the adherent cells on the sample surfaces were fixed with 3%
glutaraldehyde at room temperature for 1.5 h, protected from light to prevent degradation.

To prepare the samples for further analysis, they were sequentially dehydrated using
ethanol solutions of increasing concentrations (30%, 50%, 70%, 95%, and 100%), with
each step lasting 15 min at room temperature. Once dehydrated, the samples were dried
in a vacuum atmosphere to preserve their structures. The final prepared samples were
examined using an ultra-high-resolution cold field emission scanning electron microscope
(FESEM, Hitachi, Tokyo, Japan) to investigate the surface morphology and growth patterns
of the adhering cells.

3.6. Antibacterial Evaluation
3.6.1. Bacterial Culture

Healthcare-associated infections are frequently caused by pathogenic microorganisms,
with E. coli and S. aureus being among the most prevalent culprits. To investigate the
antimicrobial properties of the developed materials, this study employed E. coli (ATCC)
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and S. aureus (ATCC) as representative experimental bacteria, encompassing both Gram-
negative and Gram-positive strains.

Bacterial cultures were grown on Luria–Bertani (LB) agar medium plates (Servicebio).
The LB solid medium was prepared by dissolving the dry powder in purified water,
followed by sterilization in an autoclave at 121 ◦C for 30 min. After cooling the sterilized
medium to 50–60 ◦C, it was poured into sterile Petri dishes under ultra-clean conditions
and allowed to solidify. Bacteria were extracted from frozen stock cultures and inoculated
onto the prepared LB plates under aseptic conditions. The inoculated plates were incubated
at 37 ◦C for 24 h in a constant-temperature incubator, facilitating the formation of distinct
bacterial colonies.

On the subsequent day, fresh broth cultures were prepared to ensure viable bacterial
populations for the experiments. This was achieved by diluting bacterial suspensions in
fresh LB broth to a final concentration of 1 × 105 CFU/mL, corresponding to a spectropho-
tometric optical density (OD) of 0.001 at 600 nm. This standardized preparation ensured
reproducibility and reliability in evaluating the antimicrobial efficacy of the tested materials.

3.6.2. Antibacterial Activity Evaluation

To control the effective area, the samples (Fe-based BMGs, 316L SS, and TC4) were
prepared as 3 mm × 1 mm sheets and polished to a mirror finish. All samples were
cleaned with anhydrous ethanol and deionized water in an ultrasonic cleaner for 10
min, dried, and sterilized in an autoclave to ensure sterility. The sterilized samples were
submerged in 24-well plates containing 1 mL of E. coli or S. aureus LB medium with a
bacterial concentration of 1 × 105 CFU/mL. Blank groups (no bacteria) and control groups
(bacteria without material) were also included. The plates were incubated statically at 37 ◦C
for 24 h. For each experiment, three replicates (sample and control) were analyzed to ensure
data reliability. The following formula was employed: Calculate the standard deviation
of the data from multiple experimental results using the standard deviation formula, and
then use the standard deviation to represent the error. In the graph, set the length of the
error bars to the standard deviation.

Bacterial inhibition was monitored spectrophotometrically at 600 nm, with measure-
ments taken after 3 h (early stage), 12 h (intermediate stage), and 24 h (late stage). The
inhibition rate was calculated using the following formula:

inhibition rate(%) =
OD value of experimental group − OD value of blank group

OD value of control group − OD value of blank group
× 100%

After 24 h, the samples were gently rinsed three times with PBS, and surface-adhering
bacteria were fixed with 3% glutaraldehyde at room temperature in the dark for 1.5 h. The
samples were sequentially dehydrated with ethanol solutions (30%, 50%, 70%, 95%, and
100%) for 15 min each at room temperature and dried under vacuum. Bacterial adhesion
and growth were subsequently analyzed using an ultra-high-resolution cold field emission
scanning electron microscope (FESEM, Hitachi, Tokyo, Japan).

4. Conclusions

In this study, Fe55-xCr20Mo5P13C7Agx (x = 0, 1, 2, 3 at.%, denoted as Ag0, Ag1, Ag2,
and Ag3, respectively) bulk metallic glasses (BMGs) were prepared to investigate the effects
of Ag addition on their antimicrobial and biomedical properties. The key conclusions are
as follows:

(1) The glass-forming ability (GFA) of the Fe-based BMGs decreased with increasing Ag
content, as indicated by a reduction in the critical diameter for glass formation from
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2.0 mm for Ag0 to 1.0 mm for Ag3. This decline was attributed to the positive enthalpy
of the mixing between Ag and Fe, which promotes crystalline phase precipitation.

(2) The Fe-based BMGs exhibited superior corrosion resistance as compared with 316L
SS and TC4 in Hank’s solution at 37 ◦C. The Ag3 demonstrated the lowest corrosion
current density and the most stable passivation behavior, making it highly resistant to
localized corrosion.

(3) The Fe-based BMGs showed excellent biocompatibility, outperforming 316L SS and
TC4 in terms of cell viability and adhesion. SEM analysis confirmed superior cell
attachment and morphology on the Fe-based BMG surfaces, and minimal harmful
ion release ensured their safety as implant materials.

(4) The addition of Ag significantly enhanced the antimicrobial properties of the Fe-based
BMGs. Ag3 achieved the highest bacterial inhibition rates, with 87.5% against E. coli
and 86.7% against S. aureus, surpassing both 316L SS and TC4. This was attributed
to the Ag+ ions triggering the production of reactive oxygen species (ROS), which
disrupt bacterial membranes and induce cell death.

(5) Combining exceptional mechanical properties, corrosion resistance, biocompatibil-
ity, and antimicrobial performance, the present Ag-containing Fe-based BMGs, par-
ticularly Ag3, emerge as promising candidates for next-generation biomedical im-
plants. These materials provide a cost-effective, high-performance alternative to
conventional implants, addressing critical challenges such as bacterial infections and
implant failures.

Additionally, there are several promising research directions worth further exploration
in this study, which are summarized as follows:

(1) As a potential orthopedic implant material, its osteogenic ability can be further
assessed by culturing osteoblasts and testing their cellular activity in the samples.

(2) Biofilms play a crucial role in antibacterial research. Therefore, future studies could
focus on dynamic biofilm research and design multifunctional antibacterial biofilms
on the material surface.

(3) This study lacks in vivo experimental validation, which limits a comprehensive un-
derstanding of the material’s performance in a real biological environment. Future
research should strengthen in vivo experiments to further validate the clinical rele-
vance of the in vitro results, providing a more solid foundation for the application of
Fe-based amorphous alloys in the biomedical field.
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Abstract: The obtention of luminescent SiOxCy:H thin films deposited by the HW-CVD technique
is reported here. We study the effect of different monomethyl-silane (MMS) flow rates on the films
properties. An increase in the emission bandwidth and a red-shift was observed when the MMS
flow increased. The luminescence was related to optical transitions in band tail states and with
less contribution from quantum confinement effects. After, the films were annealed at 750 ◦C in
nitrogen. The annealed film deposited at the highest MMS flow showed an emission spectrum
like the as-deposited film, suggesting the same emission mechanisms. By contrast, the annealed
film deposited at the lowest MMS flow showed two emission bands. These bands are due to the
activation of radiative defects related to oxygen-deficient centers. MOS-like structures were fabricated
as electroluminescent devices using the annealed films. Only the structure of the film with the highest
carbon content showed light emission in a broad band in the visible spectrum region in forward bias,
with a maximum centered close to 850 nm. The light emission mechanism was related to electron
thermalization in the band tail states and a direct hole injection into deep states. The trap-assisted
tunneling, Poole–Frenkel emissions and Fowler–Nordheim tunneling were proposed as the charge
transport mechanism.

Keywords: hot wire chemical vapor deposition; monomethyl-silane; SiOxCy:H; electroluminescence

1. Introduction

Photonics emerges as an alternative to conventional electronics for digital commu-
nications, enabling a greater bandwidth, longer distance connections, and lower energy
consumption. Specifically, silicon photonics is related to the ability to emit and detect
photons using devices fabricated through processes compatible with the existing silicon–
CMOS infrastructure. Currently, some silicon photonic devices are marketed; however, for
light-emitting devices they continue using III–V compound-semiconductors. Today, there
is a growing interest in research for developing light-emitting sources with silicon-based
materials, because this allows a better integration in silicon photonics chip manufactur-
ing, taking advantage of the current silicon–CMOS infrastructure. Nowadays, silicon
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oxycarbide has attracted attention as a functional silicon-based material for its potential
application in the development of silicon photonics. This is mainly due to the capability to
modify its optical properties by changing the oxygen–carbon ratio. It has been reported
that silicon oxycarbide displays an intense photoluminescence in a wide range of the visible
spectrum by modifying the above relationship [1]. On the other hand, low-loss optical
waveguides have been developed using the capability to adjust the refractive index to
values between those obtained for silicon dioxide and silicon carbide (1.5–2.3), by changing
the oxygen–carbon ratio [2].

Chemical vapor deposition (CVD) is a widely used technique for a great variety of
high-quality thin films, including silicon-based materials such as hydrogenated amorphous
silicon (a-Si:H), silicon carbide (SiC), silicon oxide (SiOx), and silicon nitride (SiNx) [3–5].
There are different CVD configurations according to the energy source to produce the
dissociation of gas species and promote reactions. Among these processes are the thermal
energy source in conventional furnaces, atmospheric pressure CVD (AP-CVD) and low
pressure CVD (LP-CVD); plasma enhanced CVD (PE-CVD) is also widely used, where
plasma is the source of energy, along with hot wire CVD (HW-CVD), which is used to
chemically decompose the precursors [6].

Specifically, the HW-CVD technique has aroused interest in silicon-based material
deposition for its simplicity, since it has been reported to obtain nano and microcrystalline
phases at low substrate deposition temperatures, as low as 200 ◦C [7,8]. This work studies
the structural and optical properties of hydrogenated silicon oxycarbide (SiOxCy:H) thin
films. These films were deposited using the HW-CVD technique with a monomethyl-silane
(MMS), hydrogen and oxygen mixture, varying only the MMS flow rate. For the electro-
optical analysis, MOS-like structures were fabricated using the annealed SiOxCy:H films as
an active layer.

2. Results and Discussion

Hydrogenated silicon oxycarbide (SiOxCy:H) thin films were deposited by the HW-
CVD technique using monomethyl-silane (MMS) as a single source of silicon and carbon
atoms. The MMS flow rate was varied at 3 and 7 sccm. The films were labeled as S3 and S7,
as a reference to the MMS flow. In addition, the films were thermally annealed at 750 ◦C
in nitrogen (S3TA, S7TA). After the characterization of the films, MOS-like structures were
fabricated as electroluminescent devices using the annealed films as active layers because
these displayed more intense light emissions than as-deposited films. The deposition
parameters, thermal annealing, and MOS-like structure fabrication process are described in
Section 3.

2.1. SiOxCy:H Thin Films Characterization

X-ray photoelectron spectroscopy (XPS) characterization was carried out to determine
the elemental composition and binding configuration. Table 1 shows the elemental compo-
sition obtained by XPS for the as-deposited and annealed films. A direct relation between
the MMS flow rate and the silicon and carbon content was observed for the as-deposited
films. This is due to a greater amount of these within the chamber during the depositions.
Rates of tantalum coming from the wire were detected for the S3 film. This is because, at a
low MMS flow, the tantalum wire showed quick oxidation related to a low oxygen dilution,
where the wire showed a rough surface and was dark gray in color. It is possible to use
metallic oxides as solid sources in the HW-CVD technique, in this case Ta2O5. This process
consists in the generation of atomic hydrogen by the dissociation of molecular hydrogen
on the hot wire surface. The atomic hydrogen is highly reactive, inducing first a reduction
process and, subsequently, the generation of metal hydrides as gaseous precursors [9]. On
the other hand, under the deposition conditions of the S7 film, a protective layer of SiC
forms on the wire, showing a smooth surface with a golden color, avoiding the incorpo-
ration of tantalum into the films. For the annealed films, a slight reduction in the carbon
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content is observed while the oxygen content increases. This may be due to a substitution
of the desorbed elemental carbon and CHn radicals by oxygen atoms.

Table 1. Elemental composition by XPS of the as-deposited and annealed SiOxCy:H films.

Film
Elemental Composition (% atm.)

Si O C Ta

S3 39 47 13 1
S7 43 34 23 -

S3TA 39 49 11 1
S7TA 44 36 20 -

Additionally, from the XPS measurements in the Si2p window, the valence states of
the silicon Sin+ (n = 0–4) can be determined with the binding energy. For SiOx films, these
states are associated with five possible matrix configurations, which can be expressed as
Si-(Si4−n-On) with n = 0–4 [10]. However, due to the incorporation of carbon, it is possible
to have a great variety of compounds with different stoichiometries. Other authors relate
these valence states to the formation of Si-(C4−n-On) compounds with n = 0–4 [11]. Because
of this, it is difficult to relate the valence states to a single compound in the SiOxCy:H matrix.
However, for practical purposes, we consider the simplest compounds as a reference. In
this case, elemental silicon (Si-Si4), silicon carbide (Si-C4) and stoichiometric silicon dioxide
(Si-O4) can be related to Si0, Si+1, and Si+4 valence states, respectively. As another reference,
the binding energy increases with higher oxygen content. Figure 1a,b show the XPS spectra
in the Si2p window of the S3 and S7 films. In both cases, the spectra show broad bands
related to the formation of sub-stoichiometric oxide and silicon oxycarbide compounds,
where the main peak placed close to 102.3 eV (S+3) indicates the presence of compounds
like Si–Si–O3 and C–Si–O3. The silicon oxidation states suggest the presence of oxygen-
deficient centers (ODCs) in the SiOxCy:H matrix. These ODCs may correspond to several
defect-related emission centers. In addition, the spectrum of the S7 film shows a broader
band, where, unlike the S3 film, the contribution of s0 and s+1 bands are observed.

 

Figure 1. Si2p window in the XPS spectra of the SiOxCy:H films (a,b) as-deposited films and
(c,d) annealed films. The spectra were deconvoluted in components (green lines) related to different
silicon valence states.

This indicates that a greater amount of Si–Si and Si–C bonds are formed with increasing
MMS flow, which may correspond to the formation of Si/SiC amorphous clusters or
nanocrystalline phases. Figure 1c,d show the XPS spectra of the annealed films. The S3TA
spectrum shows a shift to a higher binding energy, corresponding to the S+4 state. This is
due to an increase in the Si–O bonds, where, during the annealing, hydrogen, elemental
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carbon and different radicals are desorbed and replaced by oxygen atoms. On the other
hand, the S7TA film does not show a shift in the maximum of the spectrum; however,
the intensity of the contributions related to S0 and S+1 valence states increase with the
annealing. In this case, the result suggests an increase in the amount of Si–Si and Si–C
bonds as a result of the higher silicon and carbon content.

Fourier-transform infrared (FTIR) spectroscopy measurements were carried out to
provide a more detailed structural analysis of the films. Figure 2a shows the FTIR ab-
sorbance spectra of the as-deposited films. Due to the amorphous nature of the host matrix
and its complex composition, all films display broad and overlapped spectra. The spectra
show absorption bands close to 460, 800, and 1080 cm−1 related to rocking, bending and
stretching (TO) vibrational modes in Si–O–Si bonds [12]. The stretching absorption band
shifts to 1052 and 1041 cm−1 for S3 and S7 films, respectively. This shift is directly related
to the silicon oxide stoichiometry, where values lower than 1080 cm−1 (for stoichiometric
SiO2) indicate the presence of many ODCs due to oxygen vacancies and to the change in the
bonding characteristics as a result of carbon incorporation [13,14]. Next to this absorption
band, a broad shoulder at around 1100 cm−1 is commonly attributed to the Si–O–Si stretch-
ing (LO) mode [12]. Close to 920 cm−1 appears a broad absorption band related to the
stretching vibration of silanol (Si–O–H) groups [15]. The spectra show a lower intensity in
this band for the S7 film; this is related to a decrease in the amount of Si–O–H bonds when
the MMS flow increases, where a higher carbon content favors the formation of Si–C–H
bonds. The absorption band corresponding to the Si–C bonds at 800 cm−1 is observed for
the S7 film [16]. This is in accordance with the XPS measurements. Other absorption bands
related to the Si–CH3 bonds can also be observed at 1250 cm−1 [17]. The presence of this
band may be associated with a partial decomposition of the MMS molecule. In addition,
the absorption band close to 620 cm−1 is related to the formation of tantalum suboxides
due to oxidation and subsequent degradation of the tantalum wire [18]. The broadband
close to 1600 cm−1 corresponds to water, due to the measurements being carried out in
environmental conditions [12]. Figure 2b shows the absorbance spectra of the annealed
films. In both cases, the absorption band related to CH3 radicals is no longer present. In
addition, a significative reduction in the band related to Si–O–H bonds for the S3TA film
can be observed, while for the S7TA film, they do not appear after the thermal annealing.

 

Figure 2. FTIR spectra of the SiOxCy:H (a) as-deposited films and (b) annealed films.

This behavior is related to a desorption process of hydrogen and CHn radicals. Fur-
thermore, the Si–O–Si stretching absorption band shows a shift to a higher wavenumber
related to oxygen incorporation in the S3TA film. The absorption band related to silicon
oxide shows a broadening and a shift from 1041 cm−1 to 1000 cm−1 for the S7TA film. These
effects may be attributed to a greater amount of carbon-related bonds in the film. Many
reports show that this broadband corresponds to the restructuring of silica materials in
different link structures [19].
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Figure 3a shows the photoluminescence (PL) spectra of the as-deposited films. The
emission intensity for the film obtained at the highest MMS flow rate shows strong lumi-
nescence in the visible region, of about 4 times higher than for the film obtained at the
lowest MMS flow rate. In addition, a broadening in the emission band and a red-shift
in its maximum from 420 nm to 445 nm is observed when the MMS flow rate increases.
Due to the material complexity, it is not possible to relate the luminescence origin with
a single phenomenon. Among the different luminescent mechanisms are defects-related
emissions, quantum confinement effects (QCE), and optical emissions in band tail states.
In the case of defects-related emissions, these present emissions at specific wavelengths,
so it is impossible to correlate the red-shift and the broadening observed in the emission
spectra when the MMS flow rate increases with any particular defect [20]. However, both
behaviors can be related to QCE and band tail states. On the one hand, the growth of
Si/SiC nanocrystals could give rise to light emissions due to QCE where the increase in the
nanocrystal sizes produces a red-shift in the emission wavelength [21]. The presence of
nanocrystalline material could not be confirmed by XRD measurements or Raman spec-
troscopy; however, in a previous study using similar deposition parameters, we reported
the obtention of polymorphous SiOxCy:H, that is, Si/SiC nanocrystalline phase embed-
ded in an amorphous SiOxCy:H host matrix [22]. Considering the above, when the MMS
flow increases, it is possible to induce the formation of larger nanocrystals with a broader
size distribution, as suggested by the formation of larger clusters observed in the SEM
micrographs. On the other hand, in an amorphous semiconductor, there is a continuum
of possible states between the valence band and the conduction band, so the energy of
the gap is not well defined. This induces the distribution of band tail states due to static
disorder. The luminescence band is the result of the distribution of steady-state carriers
within these states available for radiative recombination in the band tail [23]. In this case,
when the carbon atoms replace the oxygen atoms, the band gap material tends to reduce
its energy, producing the red-shift observed [1]. Moreover, the broadening in the emission
band as a function of the carbon content may be related to the distribution of the density of
band tail states, this is due to an increase in the structural disorder, where the substitution
of the Si–Si bond with Si–C and C–C bonds takes place [24]. To have more elements to
elucidate the origin of the luminescence in the films, the S3 and S7 films were thermally
annealed with the conditions previously described. Figure 3b shows the PL spectra of the
S3TA and S7TA films. In both cases, an increase in the emission intensity was observed
after the thermal annealing. A remarkable change in the PL spectrum of the S3TA film was
noticed. This spectrum displays a significative widening and shows two emission peaks
centered in the violet and green regions. We can rule out the changes as a byproduct related
to QCE. This is because the conditions in which the thermal annealing was carried out
was not enough to induce changes in the fraction of nanocrystalline material, where at
least temperatures of 1000 ◦C and an hour of annealing are required [25]. Nevertheless,
the XPS and FTIR results suggest that the origin of these emission bands is related to the
activation of luminescent defects in the SiOxCy:H matrix due to the desorption of hydrogen
and other radicals. In this case, the emission band in the violet region can be associated
with oxygen deficiency centers (ODCs), like E’ center, neutral oxygen vacancy (NOV),
and the so-called C-related NOV state; while the emission band centered in the green
region can be associated with the self-trapped exciton (STE), that is related to wide range
luminescence spectra between 2 and 3 eV [26]. The STE is a transient defect, where the
electron-hole pair generated after the light excitation can stay bonded by Coulomb forces,
forming an exciton with a diameter close to the interatomic distances in Si–O bonds. Some
models supports that a hole localized on oxygen and an electron localized on a neighboring
silicon result in a small atomic displacement. Further displacement of the oxygen may
induce the formation of permanent lattice defects as E’ centers and the non-bridging oxygen
hole centers (NBOHC) [27]. Figure 3c shows a schematic diagram of the activation and
formation of some of the radiative defects described above. The inset in Figure 3b shows
the deconvoluted spectra of the S3TA film. We can observe a contribution from an emission
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band centered at 420 nm. This position is the same for the emission band in the as-deposited
film, so we can assume that this emission band is related to the same emission mechanism.
Considering the conditions for the thermal annealing, the results suggest that the origin of
this emission band is related to QCE in the nanocrystalline fraction. On the other hand, for
the S7TA film, the maximum of the PL spectra is centered in practically the same position
as in the as-deposited film, and it displays a narrowing in the emission band. This may
be related, on the one hand, to a reduction in the structural disorder of the film after the
annealing induces a reduction in the width of the density distribution of the band tail states,
causing a narrowing in the emission band; on the other hand, the emission band may be
related to QCE by Si/SiC nanocrystals, since these should not show significant changes
under this thermal annealing conditions. Figure 3d shows a schematic band diagram with
the different recombination energy levels related to the luminescence in the SiOxCy:H films.

 

Figure 3. PL spectra of (a) as-deposited and (b) annealed SiOxCy:H films. (c) Schematic models
of the activation and formation of radiative oxygen-deficient centers. (d) Band diagram for the
recombination energy levels related to the luminescence in the SiOxCy:H films. In (a,b) dotted lines
indicate the wavelength where is the maximum PL emission.

For the implementation of MOS-like electroluminescent structures only the annealed
films were used due to these displayed higher PL intensities. Figure 4 shows the scanning
electron microscopy (SEM) micrographs of the surface morphology and cross section of the
S3TA and S7TA films. Both films show similar granular morphology with the formation of
clusters on the surface of a slightly larger size for the S7TA film. A direct relation between the
growth rate and the MMS flow was observed, where thicknesses of 40.8 nm and 100.2 nm
were measured for samples S3TA and S7TA, respectively.
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Figure 4. SEM micrographs of the annealed SiOxCy:H films. Surface morphology of (a) S3TA and
(b) S7TA. Cross section of (c) S3TA and (d) S7TA.

2.2. Electro-Optical Characterization of Structures

To observe if the implemented structures display electroluminescence (EL), a voltage
was applied both in forward bias (FB) and reverse bias (RB), limiting the current to a
maximum of 1 mA to avoid damage to structures. Figure 5a shows the EL spectra of
the S3TA and S7TA structures with FB voltages of 60 and 55 V, respectively. Only for the
S7TA structure in FB, was it possible to see yellow light emissions in the entire area of
the device with the naked eye in partial darkness, as we can observe in Figure 5b. The
S7TA structure spectra show emissions in a broad band of the NIR-visible region, with a
maximum emission close to 860 nm. Compared with the energy of the PL maximum, the
EL maximum is notably less. Several authors have reported that in silicon-based materials
where the emission is mainly related to QCE or radiative defects, when comparing the PL
and EL spectra, they present emission bands with maximums in close positions [28,29].
In our case, the red-shift (~400 nm) could suggest that the EL observed is mainly related
to band tail state emissions. Some models for luminescence in amorphous silicon-based
materials mention that the red-shift observed is related to a thermalization of the electrons
in the conduction band to inter-band tail states with lower energy [30]. Kruangam et al.
suggested another reason for this decrease in the emission energy is that the holes are
injected directly into the deep states of the gap [31]. The difference between the emission
mechanisms of PL and EL is related to the additional process of the injection of carriers,
since, while for PL the electron-hole pair is generated simultaneously at the same point in
the active layer, the EL carriers are injected at different points of the structure, where their
flow is also affected by their mobility in the material and the different barrier heights of the
interface where they are injected. Because the mobility of the holes is lower, the carriers’
recombination takes place near the c-Si/SiOxCy:H interface. This allows the electrons to
thermalize, reducing emission energy. On the other hand, in both structures, intense and
narrow emission peaks are observed in the blue region. This blue emission appears as
bright spots on the surface of the structure, as can be seen in the images in Figure 5b,c.
These narrow emission peaks are related to the characteristic radiation of indium ions due
to the intense electric field applied to the ITO film [32].
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Figure 5. (a) Electroluminescence spectra of the S3TA and S7TA structures. (b,c) EL images of S3TA

and S7TA structures, respectively.

To know the electrical properties of the structures, current density-voltage (J-V) char-
acteristics were measured. Figure 6a shows the J-V characteristics in FB and RB of the S3TA
and S7TA. For both structures in FB, a higher current density is observed. However, the
S7TA structure reaches higher current density values for the same FB voltage. This may
be related first to a reduction in the gap energy, and then to an increase in the density of
localized tail states; both phenomena are due to an increase in the carbon content in the
active layer [33]. For low–medium FB voltages, similar current densities are observed in
both structures; however, for the S3TA structure there is an abrupt drop in current density.
This is related to the annihilation of preferential conductive paths. This is because these
paths concentrate a greater current flow, also inducing an increase in temperature due to
the Joule effect, causing structural changes for the breaking of Si–Si or Si–O bonds [34].

It is possible to elucidate the electrical charge transport mechanisms in the structure
by analyzing the J-V characteristics under different conduction mechanism models. Within
these models, those most related to this kind of structure are the Schottky emissions, direct
tunneling, Fowler–Nordheim tunneling (F-N), Poole–Frenkel emissions (P-F), and trap-
assisted tunneling (TAT) [35]. Only the structure that displayed EL (S7TA) was analyzed
under these models to identify the charge transport mechanisms. For the low–medium
voltage region, the obtained J-V data fitted with the P-F and TAT models. Among the con-
duction mechanisms, the P-F emissions and TAT are considered as Bulk-limited conduction
mechanisms, because the charge transport depends only on the electrical properties of the
dielectric itself as the trap energy level, spacing, and density of these. P-F emissions occur
in low–medium electric fields. This mechanism involves an electron in a trapping center in
the dielectric film where this may be thermally excited out of the trap due to the reduction
of the Coulomb potential energy of the electron by the applied electric field, enabling the
conduction between localized states. The current density due to P-F emissions is given by
Equation (1), where μ is the electronic drift mobility, εi and ε0 are the dielectric constant
and the permittivity in vacuum, respectively, Nc is the density of states in the conduction
band, E is the electric field and the term φT is the trap energy level.

JP−F = qμNCE exp

[
−q

(
φT −√

qE/πεiε0
)

kT

]
(1)

As with P-F emissions, TAT tunneling involves an electron in a trapping center, where
it may tunnel through the dielectric to reach the conduction band. The TAT mechanism
also takes place in low–medium electric fields. The current density due to TAT emissions is
given by Equation (2), where mT

* is the tunneling effective mass in the dielectric and the
other notations are the same as defined before.

82



Inorganics 2024, 12, 298

JTAT = exp
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⎣−8π
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T)
1/2

3hE
φ3/2

T

⎤
⎦ (2)

Figure 6b shows the experimental J-V data fitted with the P-F and TAT models, accord-
ing to Equations (1) and (2), respectively.

 

Figure 6. (a) Current density-voltage characteristics of the S3TA and S7TA structures in FB and RB.
(b) J-V characteristic of the S7TA structure fitted to TAT and P-F conduction mechanism.

Both models show a fit with the J-V curve at the medium electric field region; however,
the P-F model shows a better fit at the low electric field region. Considering that different
conduction mechanisms can contribute to the conduction current through the dielectric
simultaneously, a joint fit of both models was carried out, i.e., P-F’ + TAT’. We can observe a
complete fit with the J-V curve. In this, two regions can be distinguished, the first for <10 V
corresponds to P-F emissions, and the second for >10 V corresponds to the TAT. These
results are related to a high density of localized tail states in the SiOxCy:H film. Due to
the limited maximum current, it was impossible to identify the conduction mechanism
for the high electric field region by comparing the J-V data with any model. However,
in similar MOS-like structures, several authors report that the predominant conduction
mechanism at high electric fields is F-N tunneling [36,37]. This mechanism is considered
an electrode-limited conduction mechanism, where the barrier height at the electrode–
dielectric interface is the most important parameter. F-N tunneling takes place when a
high electric field induces the formation of a triangular potential barrier, narrow enough
(<10 nm) for electrons to pass through into the conduction band of the dielectric because
of the tunneling effect. Finally, based on the obtained results, Figure 7 shows the band
diagram proposed for EL and the charge transport mechanism.

 

Figure 7. Schematic energy band diagram of the S7TA structure showing the EL and electrical
conduction mechanism in FB condition.
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3. Materials and Methods

3.1. Sample Preparation

Hydrogenated silicon oxycarbide (SiOxCy:H) thin films were deposited on p-type
polished silicon substrates (100) with a resistivity of 1–4 Ω·cm by the HW-CVD technique.
As catalyst material a 0.5 mm-diameter tantalum (Ta) wire at 1800 ◦C located 50 mm
above the substrate was used. Hydrogen, oxygen, and MMS (purity 99.9%) were used as
reactant gases. The hydrogen and oxygen flow rates were fixed at 20 sccm and 1 sccm,
respectively, while the MMS flow rate was varied at 3 and 7 sccm (S3, S7). The films
deposition maintained the substrate temperature at 200 ◦C and the chamber pressure
at 0.1 Torr for 30 min. After deposition, the films were thermally annealed at 750 ◦C in
nitrogen at atmospheric pressure for 30 min (S3TA, S7TA). After the characterization of
the films, MOS-like structures were fabricated as electroluminescent devices using the
annealed SiOxCy:H films as an active layer. A 100 nm thick indium thin oxide (ITO) film
was deposited onto the S3TA and S7TA films by RF sputtering technique with a power of
60 W at room temperature, which was used as transparent contact. Then, 1 mm2 square-
shaped patterns were defined on the ITO contact. On the back side of the c-Si substrate, an
approximately 1 μm thick aluminum layer was deposited by thermal evaporation. Finally,
the structures were thermally annealed at 350 ◦C in a vacuum for 30 min to improve
contact quality.

3.2. Characterization

The elemental composition of the films and the silicon chemical state were analyzed
by X-ray photoelectron spectroscopy (XPS) in a system model K-Alpha (Thermo Scientific,
Waltham, MA, USA) with an Al-Kα source. A Fourier-transform infrared spectrometer
(FTIR) model Nicolet- iS50 (Thermo Scientific, Waltham, MA, USA), was used in a transmit-
tance configuration in a range of 400–2000 cm−1 with a resolution of 4 cm−1. The samples
consisted of SiOxCy:H films deposited on c-Si substrates. Also, a clean c-Si substrate
from the same wafer used for the films deposition was used to subtract the background
signal from the absorbance spectra of the thin films. Photoluminescence (PL) spectra
were obtained at room temperature in a Nanolog spectrometer from Horiba Jobin Yvon
(Horiba Ltd., Kioto, Japan), using an excitation wavelength of 350 nm from a 450 W Xe-
lamp. Surface morphology and cross-section micrographs were obtained by scanning
electron microscopy (SEM) FEI Scios (Thermo Scientific, Waltham, MA, USA). To study
the electro-optical properties of the SiOxCy:H based structures, the current density-voltage
(J-V) characteristic was measured in a 4200-SCS parameter analyzer (Keithley, Solon, OH,
USA), while the electroluminescence spectra were collected with an optical fiber coupled
in a Horiba Duetta spectrometer (Horiba Ltd., Kioto, Japan).

4. Conclusions

The properties of SiOxCy:H thin films at different MMS flow rate were studied. A
direct relation between the intensity and the width of the emission band with the carbon
content in the films was observed. Also, a red-shift from 408 nm to 445 nm occurred when
the MMS flow rate was increased. This shift and the broadening of the emission band
suggest that luminescence is caused by optical transitions in band tail states with less
contribution from QCEs in the nanocrystalline fraction. The annealed film S7TA showed a
narrowing in the emission band; however, the emission maximum position remained the
same. This suggests that the emission mechanisms are the same for the as-deposited film.
On the other hand, the annealed film S3TA showed two emission bands centered in the
violet and green regions, respectively. This was related to radiative defects in the SiOxCy:H
matrix, due to the activation of different oxygen-deficient centers by the desorption of
hydrogen and other radicals. Electroluminescent structures were implemented with the
annealed films. Both structures displayed shiny blue dots on the surface related to the
characteristic radiation of indium ions. Only the S7TA structure displayed an intense
emissions in the entire area of yellow color when a 55 V FB was applied. The EL emission
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band showed a red-shift of about 400 nm with respect to the PL maximum. This is because
the holes are injected into the deep band tail states and the electrons in the conduction
band begin to lose energy as they move through the active layer due to the thermalization
process. On the other hand, for this structure, the carriers conduction may be related first
to the P-F emissions and the TAT due to a high density of band tail states, and second to
F-N at high electric fields where the electrons can tunnel the triangular potential barrier to
the conduction band.
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Abstract: This concise review provides an update on the use of calcium-based materials for the
prevention of dental caries. Some calcium-based materials promote remineralization and neu-
tralize bacterial acids, disrupting cariogenic biofilms and inhibiting bacterial growth. Medical
Subject Headings of [Dental Caries] and [Calcium] were adopted to search publications. Informa-
tion related to the aim of this review was extracted and summarized. Common calcium-based
materials are calcium phosphate, hydroxyapatite, calcium carbonate, calcium fluoride and casein
phosphopeptide–amorphous calcium phosphate (CPP-ACP). Calcium phosphate is commonly used
in toothpaste. It provides calcium and phosphate ions, enhances the incorporation of fluoride into
caries lesions and increases mineral density. Hydroxyapatite is a form of calcium phosphate that is
chemically similar to the mineral found in teeth. It can be applied on teeth to prevent caries. Calcium
carbonate can be found in toothpastes. It neutralizes bacterial acids and acts as a calcium reservoir
during remineralization. Calcium fluoride is found in dental products and promotes remineralization
as a source of fluoride, which can be incorporated into tooth enamel, forming fluorapatite and
increasing resistance to caries. CPP-ACP is derived from milk proteins. It contains calcium and
phosphate, which help to remineralize tooth enamel. CPP-ACP inhibits cariogenic bacteria. It also
interacts with bacterial biofilms and disrupts their formation. These calcium-based materials can be
used to boost the preventive effect of fluorides or, alternatively, as a therapy for caries prevention.

Keywords: caries; nanoparticles; calcium; phosphate; remineralization

1. Introduction

Dental caries is a chronic disease affecting over 2.3 billion permanent teeth and
532 million deciduous teeth worldwide, according to the Global Burden of Disease 2017
study report [1]. It is well-documented that dental caries is caused by the demineral-
ization of hard tissues, including enamel, dentin and cementum, due to bacterial acids
over time through a complex interaction between the host, fermentable carbohydrate and
cariogenic bacteria [2]. Different agents have been developed to manage this common
oral disease. The well-recognized foundation of dental caries prevention (primary and
secondary) is fluoride-based agents, the effectiveness of which has been widely investi-
gated and reported [3,4]. The major mechanism of fluoride is its reaction with enamel and
dentine, along with calcium and phosphate, forming calcium–fluoride-like deposits during
the process of remineralization [5]. Despite the well-known benefits of fluoride agents,
dental researchers are exploring the use of different materials to prevent and arrest carious
lesions. This may be due to the adverse effects of fluorides, like dental and skeletal fluorosis.
The adverse effects also direct dental professionals to explore alternatives or boosters of
fluorides for dental caries prevention [6].

Calcium-based materials have been introduced to prevent dental caries. The three
types of hard tissues of the tooth, namely enamel, dentin and cementum, are mainly
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composed of hydroxyapatite, a mineral form of calcium. The net loss of calcium and
phosphate ions from the tooth structure due to cariogenic bacteria will lead to dental
caries [7]. Therefore, adding calcium and phosphate back to the tooth structure from
supersaturated oral fluid and controlling bacteria activities plays an important role in
dental caries prevention [8]. During the process of tooth remineralization, it is important
that calcium and phosphate are abundant in the saliva. Unfortunately, however, calcium
and phosphate are normally limited. Calcium-based materials refer to substances that
contain calcium as a primary component or play a significant role in providing calcium ions.
In the discipline of dental caries prevention, calcium-based materials are used to promote
tooth remineralization and manage bacteria activity [9,10]. They can be used as adjunctive
treatment with fluorides or alternative therapy for dental caries control. These materials
show excellent biocompatibility, and some of them have been adopted in dental practice.

Understanding recent research advances helps clinical practitioners to incorporate
the latest calcium-based materials and techniques into their practice and facilitate dental
researchers in developing new formulations and improving this discipline. The aim of
this narrative review is to provide an update on the use of calcium-based materials for
dental caries prevention. The properties of different calcium-based materials, their ability to
remineralize and manage bacterial activity and mechanisms, and their clinical applications
and effectiveness are summarized herein.

2. Results

The results showed that calcium phosphate, hydroxyapatite, calcium carbonate, cal-
cium fluoride and casein phosphopeptide–amorphous calcium phosphate (CPP-ACP) are
the commonly reported calcium-based materials in the discipline of dental caries prevention.
There are also other derivates of these calcium-based materials, such as sodium–calcium
phosposilicate, sodium trimetaphosphate and calcium glucerophosphate as well as calcium
nanoparticles. This manuscript mainly focuses on the commonly reported calcium-based
materials (Table 1). Other forms of advanced materials are introduced in the discussion.

2.1. Calcium Phosphate

Calcium phosphates usually refer to a family of materials containing calcium ions
combined with phosphate anions such as phosphate, monohydrogen phosphate and dihy-
drogen phosphate. The most frequently used ones are tricalcium phosphate and hydroxya-
patite, which contains hydroxyl anions and is discussed in the following paragraph [11].
Tricalcium phosphate is commonly used in toothpaste, dentifrice, mouthwash and chewing
gum to promote the remineralization of teeth [12]. It is a white solid which can be found in
bone and tooth enamel. It is soluble in acid, but it has low solubility in water. It exists as
three crystalline polymorphs, namely α, α′ and β. Among them, β-tricalcium phosphate is
stable at room temperature and becomes the bioavailable form used in oral care products.
α-Tricalcium phosphate is less soluble than β-tricalcium phosphate. It is rare as it only
exists at high temperatures above 1125 ◦C [13]. α′-Tricalcium phosphate is less common
than α-tricalcium phosphate and has limited applications.

Researchers in the early 1990s found that the combined use of calcium phosphate
and fluoride accelerates the setting and hardening of the compound [14]. However, it is
difficult for these two substances to coexist in an oral care product as tricalcium phosphate
can interact with fluoride to form calcium fluoride and therefore lower the bioavailability
of both calcium and fluoride [15]. To solve the problem, a novel functionalized trical-
cium phosphate was developed by coupling β-tricalcium phosphate with organic and/or
inorganic moieties [16]. It was suggested that these molecules prevent premature fluoride–
calcium interactions and enhance fluoride-based nucleation activity, subsequently leading
to remineralization.

The potential of functionalized tricalcium phosphate for remineralization has been re-
ported. In a laboratory study, functionalized tricalcium phosphate paste was applied on an
artificial white spot lesion and showed a significantly greater increase in mean microhard-
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ness than casein phosphopeptide–amorphous calcium phosphate fluoride and the negative
control [17]. Regarding enamel carious lesions, toothpaste containing functionalized tri-
calcium phosphate showed no significant difference in the percentage of remineralization
potential and percentage of hardness recovery when compared to fluoride toothpaste [18].
A study reported that functionalized tricalcium phosphate promoted the incorporation of
fluoride into root caries lesions and increased mineral density [19]. Few studies reported
the effectiveness of functionalized tricalcium phosphate on cariogenic bacteria alone, given
that it could be used in combination with other antibacterial agents. An in vitro study
reported that the combination use of silver nitrate solution and sodium fluoride varnish
containing functionalized tricalcium phosphate reduced cariogenic biofilm [20].

The clinical effectiveness of functionalized tricalcium phosphate in preventing dental
caries has also been reported. In a clinical study, fluoride varnish was applied with
functionalized tricalcium phosphate on white spot lesions at baseline and at 8 weeks
among patients with fixed appliances and assessed at 16 weeks. The results indicated
that 62% of the white spot lesions in the test group were reversed [21]. In another clinical
study, silver nitrate solution and sodium fluoride varnish with functionalized tricalcium
phosphate were adopted in order to arrest dentine caries among children [22]. The results
indicated that the test group with functionalized tricalcium phosphate had a higher arrest
rate than that without functionalized tricalcium phosphate. These results suggest that
functionalized tricalcium phosphate has promising effects in preventing dental caries, but
more clinical evidence is required to confirm its clinical use.

2.2. Hydroxyapatite

Hydroxyapatite is a naturally occurring mineral form of calcium apatite. Up to 70% by
weight of human bone consists of a modified form of hydroxyapatite, and hydroxyapatite
is the main mineral making up dental enamel and dentin. The solubility of hydroxyap-
atite in human dental enamel varies linearly with acidity, from 10 to 57 at pH 4.6 to 10
to 53 at pH 7.6 [23]. Hydroxyapatite is commonly added to toothpaste, dentifrice and
mouthwash for daily oral care due to its ability to remineralize and manage oral bacte-
ria [24]. A study reported that hydroxyapatite particles in toothpaste have the ability to
bind to the damaged tooth surface and restore the surface integrity, and they are also able
to penetrate into the deeper layers of the carious lesion [25]. Hydroxyapatite-based gel
exhibited a significantly higher percentage of mineral gain in caries-like lesions after being
subjected to the pH-cycling model when compared to artificial saliva [26]. Furthermore,
hydroxyapatite in mouthwash could inhibit biofilm formation by preventing bacteria from
binding to the tooth surface [27]. Instead, bacteria would bind to the hydroxyapatite parti-
cles and be cleared from the oral cavity. A review summarized that hydroxyapatite could
be used to control biofilm by reducing bacterial attachment to enamel surfaces without
antibacterial effects [28].

Some reviews and meta-analyses on the application of hydroxyapatite and its clinical
effectiveness in preventing dental caries have been published. A systematic review on
hydroxyapatite-based, fluoride-free oral care products was conducted and published in
2021. The results of the meta-analysis on three randomized control trials showed that
hydroxyapatite toothpaste protected enamel from dental caries [29]. Another 18-month,
double-blinded clinical trial reported that fluoride-free hydroxyapatite toothpaste was not
statistically inferior to a fluoride toothpaste in preventing dental caries among adults [30].
The results of these studies suggest that hydroxyapatite is effective in preventing dental
caries and has the potential to be an alternative to fluoride.

2.3. Calcium Carbonate

Calcium carbonate is the major constituent of limestone, marble, chalk, eggshells,
bivalve shells and corals. It has the appearance of a white powder, a colorless crystal
white powder or colorless crystals. Calcium carbonate is commonly added to dentifrice
or toothpaste as an abrasive that removes dental plaque, and it is also used as a white
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coolant or thickener. It has low solubility in water but is soluble in dilute acid. Therefore, it
has acid-buffering and calcium-releasing properties, which reverse the effects of the acids
produced by bacteria [31].

It has been reported that calcium carbonate helps to neutralize plaque acid, increases the
calcium level in dental plaque and acts as a calcium reservoir during remineralization [32].
A study reported that calcium–carbonate-based dentifrice was able to increase surface micro-
hardness and was more effective in enamel remineralization when compared to the negative
control [33]. Toothpaste containing arginine, calcium carbonate and sodium fluoride showed
better recovery in microhardness and lesion depth after remineralization cycling treatment
when compared to toothpaste containing sodium fluoride solution [34]. Adopting calcium
carbonate alone to manage cariogenic bacteria was seldom reported on. An in vitro study
reported that desensitizing paste containing 8% arginine and calcium carbonate reduced the
formation of Streptococcus mutans biofilm on dentine [35].

As early as the 1950s, a study reported on the role of calcium carbonate in dental
caries [36]. A clinical study reported that school children treated with a dentifrice contain-
ing regular fluoride content and calcium carbonate as a polishing agent had a tendency
toward fewer decayed surfaces [37]. After that, several clinical trials reported that the adop-
tion of calcium–carbonate-based fluoride toothpaste in daily oral health practice reduced
dental caries increments [38,39]. An in vivo study reported that calcium–carbonate-based
toothpastes could significantly reduce plaque acidity after a cariogenic challenge when
compared to those without calcium carbonate [40]. These studies confirmed the clini-
cal effectiveness of calcium carbonate in fluoridated dentifrice/toothpaste in preventing
dental caries.

2.4. Calcium Fluoride

Calcium fluoride has a great variety of applications in dental caries prophylaxis. It
is a white, solid, inorganic compound that is practically insoluble in water but slightly
soluble in acid. The major cariostatic mechanism of fluoride is the formation of fluorapatite
or calcium–fluoride-like precipitates, which are less soluble than hydroxyapatite when
attacked by acid [41]. Both calcium and fluoride ions are prerequisites for remineralization,
but premature calcium–fluoride interactions remain a challenge [42].

Calcium fluoride has also been suggested to act as an acidity-dependent reservoir of
fluoride that can be incorporated into the tooth enamel, forming fluorapatite and increasing
resistance to acid attacks [43]. However, its dissolution has been suggested to be controlled
by the presence of phosphate and acidity. In a laboratory study, calcium fluoride particles
were incubated with human enamel samples to provide a constant supply of soluble
fluorides in a phosphate-free buffer solution. Despite this, the solubility of these particles
and the release of fluoride were reduced when incubated in human saliva [44]. Though
calcium fluoride has no bactericidal effect, it can be used in combination with other agents
to enhance their antimicrobial properties. A laboratory study reported that composite
materials modified with calcium fluoride highly reduced growth of two common cariogenic
bacteria, Lactobacillus acidophilus and Streptococcus mutans [45]. Calcium fluoride can be
used to produce gels, mouthwashes and pastes that strengthen tooth enamel and protect
against acids. However, few clinical studies have been conducted that report the clinical
effectiveness of calcium fluoride in preventing dental caries.

2.5. Casein Phosphopeptide–Amorphous Calcium Phosphate

Casein phosphopeptide–amorphous calcium phosphate (CPP-ACP) is commercially
available and biocompatible and has attracted considerable research attention in recent
years. Amorphous calcium phosphate (ACP) is a glassy solid. Casein phosphopeptides
(CPPs) are derived from milk and can stabilize calcium and phosphate in ACP solution.
This complex delivers calcium and phosphate ions to the tooth surface [46]. CPP-ACP
can also interact with fluoride ions to form casein phosphopeptide–amorphous calcium
fluoride phosphate (CPP-ACFP) [47].
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CPP-ACP has been shown to have high remineralization potential for white spot
lesions, dentine caries and non-cavitated root decay [48–50]. An in situ study revealed that
fluoride toothpaste containing CPP-ACP increased the surface hardness of the deminer-
alized enamel slab [51]. An in vitro study indicated that applying CPP-ACP on dentine
surfaces led to lower demineralization and higher remineralization when immersed in
demineralization solution [49]. It was proposed that ACP is localized in dental plaque
and maintains a state of supersaturation with calcium and phosphate ions, thereby de-
pressing demineralization and enhancing remineralization [52]. However, some reviewers
reported that CPP-ACP/CPP-ACFP can inhibit demineralization but is less effective when
compared to fluoride agents [53]. A systematic review with meta-analysis suggested
that CPP-ACP/CPP-ACFP can be an adjunct to fluorides in caries prevention but cannot
be an alternative [54].

CPP-ACP can also inhibit the activity of bacteria and the formation of biofilm. It
has been reported that the addition of CPP-ACP to glass ionomer cement significantly
reduced the growth of Streptococcus mutans in a dentine caries model [55]. Another labo-
ratory study found that CPP-ACP reduces biofilm formation of Streptococcus mutans but
does not kill the bacteria [56]. A clinical study reported that fluoride varnish containing
CPP-ACP effectively reduced the salivary Streptococcus mutans count among children in
mixed dentition [57]. Another clinical trial revealed that 5% sodium fluoride varnish with
tricalcium phosphate significantly reduced saliva mutans streptococci among children with
severe early-childhood caries [58].

CPP-ACP can be found in toothpaste, mouthwash, chewing gum and dental cream.
A systematic review on clinical studies reported that fluorides combined with CPP-ACP
achieved the same efficacy as fluorides monotherapy for early caries lesions on smooth
surfaces, but the combination treatment had better efficacy than fluorides monotherapy for
occlusal early carious lesions [59]. A randomized clinical trial reported that participants
who chewed sugar-free gum containing CPP-ACP had 18% less tooth surface progression
to dental caries when compared to those who chewed gum without CPP-ACP [60]. How-
ever, a systematic review also suggested that although CPP-ACP was more effective than
a placebo in managing dental caries, its effectiveness was borderline when compared with
fluoride [61]. Therefore, CPP-ACP can be an additive to fluoride but not an alternative to
managing dental caries.

Table 1. Properties, application and clinical findings of calcium-based materials for caries prevention.

Calcium-Based
Material

Properties Applications Clinical Findings [Reference]

Calcium phosphate 1. Remineralization
1. Toothpaste
2. Mouthwash
3. Chewing gum

1. Reverses white spot lesions [1]
2. Arrests caries with fluoride

agents [21]

Hydroxyapatite
1. Remineralization
2. Bacterial inhibition

1. Toothpaste
2. Mouthwash 1. Reduces caries incidence [27,28]

Calcium carbonate
1. Remineralization
2. Buffer effect 1. Toothpaste 1. Reduces caries incidence [34]

2. Reduces caries increments [35,36]

Calcium fluoride
1. Remineralization
2. Bacterial inhibition

1. Mouthwash
2. Gel and paste -

Casein
phosphor–peptide–amorphous

calcium phosphate

1. Remineralization
2. Bacterial inhibition

1. Toothpaste
2. Mouthwash
3. Chewing gum
4. Cream

1. Prevents early caries lesions [55]
2. Reduces caries incidence [56]
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3. Methods

This concise review screened publications related to calcium-based materials in the
discipline of dental caries prevention. Medical Subject Headings including [Dental Caries]
and [Calcium] were adopted to search publications. Information regarding the properties
of different calcium-based materials, their remineralization ability and impact on cariogenic
bacteria and their clinical application was extracted and summarized.

4. Discussion

Calcium-based materials have shown great potential in the treatment of dental caries.
Dental caries is a common dental problem caused by the demineralization of hard tissue by
acids produced by cariogenic bacteria in the mouth. Therefore, the inhibition of demineral-
ization and cariogenic bacteria is of great importance in preventing dental caries. During
the process of remineralization, lost minerals such as calcium phosphate and fluoride are
restored to the hard tissues, which helps to reverse the process of dental caries at the initial
stage and inhibits further progression of cavitated lesions [12]. Calcium-based materials
can saturate saliva and fluid with calcium ions (sometimes along with phosphate ions),
neutralize the acidic environment, exchange ions between saliva and the tooth surface and
form less soluble minerals [62]. In the past, the clinical use of calcium and phosphate ions
for remineralization was not successful because of the low solubility of calcium-based mate-
rials as well as their premature interaction with fluoride ions [9]. In recent years, materials
such as functionalized tricalcium phosphate have been developed to maintain the active
calcium and fluoride during storage. Some studies suggested that calcium–phosphate
materials had the potential to act as delivery systems in the mineralized tissue engineering
field. These materials carry relevant substances to drive remineralization of dentin and/or
stem cell differentiation within dental pulp [63]. New synthesis techniques may help to
develop preferable calcium-based materials to prevent dental caries and reduce the risk of
irreversible dental pulp damage in the future.

Some calcium-based materials have an influence on cariogenic bacteria. However,
it has also been suggested that calcium-based materials do not have a bactericidal effect
on their own. Instead, they inhibit the growth and adherence of cariogenic bacteria to
control bacterial activity. CPP-ACP has been reported to interfere with the growth and
adherence of Streptococcus mutans and Streptococcus sobrinus [64]. Free hydroxyapatite
particles in toothpaste and mouthwash attract microorganisms, which attach to the particles
and therefore clear microorganisms from the oral cavity [27]. A few studies reported
the influence of calcium-based materials on the formation of biofilm even though these
materials had no bactericide effect. These materials controlled the biofilm by inhibiting the
attachment of bacteria to the tooth surface without killing bacteria. They can also be used
in combination with other antibacterial agents and help to improve the effectiveness of
controlling cariogenic bacteria and biofilm as well as the effectiveness of the prevention of
dental caries. Though these calcium-based materials are widely used in daily oral health
care, more clinical evidence is needed to confirm their clinical use and effectiveness in
preventing dental caries among different people.

Nanotechnology has been adopted in the development of calcium-based materials
such as nanoparticles of amorphous calcium phosphate, calcium phosphate nanocom-
posite and nano-hydroxyapatite. It has been reported that these calcium-based materials’
nanoparticles release more ions than those at the micron scale because of the high surface-
area-to-volume ratio [65]. As a result, the remineralization was enhanced. For example,
nano-hydroxyapatite was reported to have greater remineralization effects on deminer-
alized bovine dentine when compared to amine fluoride toothpastes [66]. A two-year
clinical trial reported that nano-hydroxyapatite gel was effective in remineralizing proximal
caries [67]. Nano-sized amorphous calcium phosphate was found to release more calcium
and phosphate ions at a low pH, have lower mineral loss and decrease the carious lesion
depth [68]. Thus, these nano-sized materials have the potential to be used in dental caries
prevention, but more clinical evidence is needed in the future.
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There are other derivates of these calcium-based materials, such as sodium–calcium
phosposilicate, sodium trimetaphosphate, calcium glucerophosphate, glass–ionomer ce-
ment and bioactive glass. These materials have also been adopted in different forms of
oral health care products to prevent dental caries. Toothpaste containing sodium–calcium
phosposilicate has been reported to have the potential to remineralize enamel [69]. Fluo-
ride varnishes containing sodium trimetaphosphate enhanced the remineralizing effect
of artificial caries lesions by increasing the percentage of surface hardness recovery [70].
A literature review concluded that calcium glycerophosphate can reduce the plaque mass
and have a greater anti-caries effect than sodium monofluorophosphate [71]. Glass ionomer
cements, which are commonly used as a filling material and luting cement, had the ability
to remineralize carious tooth surface and exert a bacteriostatic effect [72]. A randomized
clinical trial indicated that glass ionomer sealants can effectively prevent dental caries [73].
A systematic review on bioactive glass, which can be adopted as a dental restorative ma-
terial and mineralizing agent, indicated its effectiveness in remineralizing and forming
apatite on the tooth surface of enamel and dentine. Besides, bioactive glass has also been
reported to have an antibacterial effect on cariogenic bacteria [74].

Our concise review summarizes the commonly used calcium-based materials and
provides an overview of their properties as well as their role and clinical effectiveness in
dental caries prevention. Nevertheless, this concise review provides an overview and not
in-depth details for researchers.

5. Conclusions

Calcium-based materials such as calcium phosphate, hydroxyapatite, calcium carbon-
ate, calcium fluoride and casein phosphopeptide–amorphous calcium phosphate can be
used to boost the preventive effect of fluorides or, alternatively, as a therapy for caries
prevention. Moreover, they have the potential to be used as drug delivery systems in the
mineralized tissue engineering field. More clinical evidence is needed to warrant their
clinical use.
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Abstract: Amorphous alloys, also known as metallic glasses, are a type of novel amorphous material
discovered by chance. This discovery has greatly enriched the field of metal physics, spurred the
rapid development of amorphous physics and materials science, and propelled amorphous physics to
the forefront of condensed matter physics. As an important and challenging branch of this discipline,
amorphous physics now plays a pivotal role in understanding the complexities of non-crystalline
materials. Amorphous materials, characterized by their unique properties, are not only widely used
in daily life and high-tech fields but also serve as model systems for studying significant scientific
issues within materials science and condensed matter physics. This paper provides a comprehensive
review of amorphous alloys, discussing major scientific issues and challenges in amorphous science,
the formation mechanisms of these materials, their structural characteristics, and their physical and
mechanical properties. Additionally, it explores the various applications of amorphous materials and
forecasts future research trends, significant issues, development prospects, and directions within this
vibrant field.

Keywords: amorphous alloys; microcosmic; mechanical properties; physical and chemical properties

1. Introduction

Amorphous alloys, also known as metallic glasses or liquid metals, are novel materials
synthesized using modern rapid solidification techniques [1]. These alloys combine the
excellent mechanical, physical, and chemical properties of both metals and glasses. The
term “metal” in metallic glass indicates that the material is made from metallic elements,
while “glass” refers to its non-crystalline structure [1,2]. Theoretically, glass is a material
that does not crystallize during the transition from liquid to solid. Typically, metal alloys
crystallize upon cooling, with atoms arranged in an orderly manner to form crystalline
metals like steel. However, rapid solidification prevents this, causing atoms to be “frozen”
in a disordered state, thus creating a metallic glass [3]. On a microscopic level, metallic glass
resembles a highly viscous liquid, also called “frozen melt”. Common glassy materials like
plastics, glass, rosin, paraffin, asphalt, and rubber share a disordered atomic or molecular
arrangement. If the atomic arrangement of crystalline solids like steel is akin to a well-
ordered parade, the arrangement in amorphous solids is like a bustling crowd on a busy
street. Ordinary window glass is made from elements like silicon and oxygen; plastics
are polymeric glasses, and metallic glasses are metal alloys composed of different metallic
elements. For example, zirconium-based metallic glass is synthesized from zirconium,
copper, aluminum, and titanium. Due to its unique structure, metallic glass exhibits
excellent mechanical, physical, and chemical properties [4].

The discovery of glass dates back to around 3000 BC in ancient Babylon, indicat-
ing a long history. However, metallic glass appeared much later [5]. In 1960, Professor
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Duwez from the California Institute of Technology reported the discovery of an amor-
phous structure in a rapidly solidified Au75Si25 alloy in a brief paper in Nature [6]. This
sparked extensive research into amorphous alloys, leading to the commercial production
of amorphous alloy ribbons and wires by Chen and colleagues in 1971 using melt spinning
techniques (Hofmann, 2013). These alloys, known for their excellent soft magnetic proper-
ties, were widely used in transformer cores [7]. Early preparation techniques and limited
alloy compositions restricted amorphous alloys to thin ribbons or wires, limiting their
commercial application [8]. In the 1970s, Chen and colleagues produced palladium-copper-
silicon amorphous alloy rods using suction casting methods, achieving millimeter-scale
diameters and marking the earliest bulk amorphous alloys (Hofmann, 2013). Since the
1980s, various bulk amorphous alloy systems with dimensions exceeding 1 mm have been
developed [9]. Notably, in 1993, Johnson and colleagues developed bulk zirconium-based
amorphous alloys reaching centimeter scales, significantly promoting commercial applica-
tions and initiating a second research wave [10]. In the 21st century, the development of
amorphous alloys accelerated, achieving significant milestones [11]. For instance, in 2005,
academician Wang Weihua’s team at the Institute of Physics, Chinese Academy of Sciences,
developed metallic plastic, an amorphous alloy deformable like thermoplastic at around
90 ◦C but exhibiting metal characteristics at room temperature [11]. These properties enable
researchers to imprint and mold amorphous alloys at suitable temperatures, fabricating
nanoscale precision components unattainable with conventional crystalline alloys [12,13].
Despite only a 60-year history, amorphous alloys have seen significant theoretical and
technological advancements [14], as summarized in Figure 1.

 

Figure 1. Historical development of amorphous alloys. Reprinted with permission from Ref. [15],
Copyright 2021, copyright Springer Nature.

Amorphous alloys and their composites, known for their excellent properties (see
Section 4), have broad applications in modern science and technology. These alloys are free
from defects such as dislocations and grain boundaries, which are common in crystalline
materials, and possess a super-high elastic limit. This makes them particularly well-
suited for use in micro-electromechanical systems (MEMSs) [16]. For instance, the Pd-
Cu-Si amorphous thin film micro-spring is utilized as a trigger in MEMS devices [16].
Additionally, the softening behavior observed in the supercooled liquid region of Zr-
based amorphous alloys facilitates the easy manufacturing of complex-shaped precision
components, such as those found in consumer electronics [17]. The abundance of active sites
on the surfaces of amorphous alloys is leveraged in high-performance catalysts, exemplified
by the Fe-Si-B-Nb thin film used for azo dye degradation [18]. Furthermore, the isotropic
chemical properties of these alloys enable uniform chemical corrosion and dissolution,
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making them ideal for aerospace applications. A notable example is the Zr-Nb-Cu-Ni-Al
amorphous alloy coating on the solar wind particle collection panel of NASA’s Genesis
spacecraft [19]. Finally, the ultra-high elastic limit of amorphous alloys enhances their
suitability for sports equipment, like the Zr-based alloy baseball bat, which offers high
energy transfer efficiency [20].

In recent years, researchers have discovered that amorphous alloys excel at suppress-
ing harmonic vibrations compared to other metal materials. This ability effectively controls
the reflection of noisy sound waves, resulting in a darker sound background, a stronger
sound base, and excellent intrinsic low-frequency attenuation [20]. These properties also
ensure good energy transmission, leading to fuller and more mellow sound, especially in
the mid-frequency vocal range. Due to these outstanding acoustic properties, amorphous
alloys have found significant applications in acoustics. For instance, Zr-based amorphous
alloys have been used in headphone components by Sony (released in 2018) and for fixing
pins in string instruments by Martin Guitar (released in 2015). Furthermore, amorphous
alloys exhibit excellent forming properties in the supercooled liquid region, coupled with
ultra-high strength, hardness, and wear resistance after cooling and solidifying. These
characteristics make them ideal for creating high-precision, high-conformity, and strong
creep-resistant components that are challenging to produce with conventional crystalline
materials. Notable examples include the car door lock cover by Tesla (released in 2015) and
the foldable phone hinge by Huawei (released in 2020) [20]. In addition to these applica-
tions, the largest use of amorphous alloys is in soft magnetic amorphous materials, such as
transformer core materials. Transformer cores made from soft magnetic amorphous alloy
materials achieve an energy conversion efficiency of 99.3%, compared with 97% for the best
soft magnetic crystalline alloys [21]. With ongoing research, the potential application range
of amorphous alloys is expected to expand significantly [22–24].

2. Formation and Production of Amorphous Alloys

2.1. Conditions for the Formation of Amorphous Alloys

a. Fundamental Principles of Amorphous Alloy Formation

(1) Cooling Rate and Glass-Forming Ability (GFA)

The formation of amorphous alloys primarily depends on the cooling rate. Different
substances require vastly different cooling rates to form an amorphous state. For example,
SiO2 can form a glassy state at a cooling rate lower than 10−3 K/s, whereas many metals
and alloy systems struggle to form an amorphous state even at a cooling rate of 1010 K/s.
The ability to form an amorphous state is typically characterized by the critical cooling
rate (RRc) [25]. Studies have found that even for metallic systems, the difference in their
forming ability can be more than 12 orders of magnitude. Generally, amorphous alloys
with a critical size greater than 1 mm are called bulk amorphous alloys [26–28].

RRC =
dT

dt
(

K
s

) = 10/D2(cm)

where D is the critical size.
The critical size refers to the maximum size of a bulk amorphous alloy that can be

formed. Generally, amorphous alloys with a critical size greater than 1 mm are referred to
as bulk amorphous alloys. The GFA of an alloy system can be measured by determining
the maximum size of the bulk amorphous alloy that can be formed. Systems with good
GFA can form amorphous alloys at relatively slow cooling rates and achieve larger critical
sizes. To summarize, GFA measures the ease with which an alloy can be transformed into
an amorphous state. It is influenced by the cooling rate required to prevent crystallization
and the critical size of the alloy that can be produced in an amorphous form. Materials
with high GFA can form amorphous structures at lower cooling rates and achieve larger
critical sizes, making them suitable for forming bulk amorphous alloys.
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(2) Thermodynamic Conditions

The formation of an amorphous state is closely related to the thermodynamic con-
ditions of the substance. During the cooling process of a high-energy liquid, if the free
energy is lower than that of the crystalline phase and the system can overcome the nucle-
ation barrier, an amorphous state may form. This formation is a metastable phenomenon,
where the free energy of the liquid or amorphous state is higher than that of the crystalline
state within a certain temperature range, but due to kinetic reasons, the amorphous state
persists [29].

(3) Kinetic Factors

The kinetic conditions for forming an amorphous state include avoiding crystal nu-
cleation and growth during the cooling of the liquid metal. Turnbull’s research indicates
that liquid metals can be supercooled far below the equilibrium melting point without
nucleation and growth [30]. In supercooled liquids, the nucleation rate and growth rate of
crystals are crucial for forming an amorphous state. A key indicator of amorphous forma-
tion is sufficiently low nucleation and growth rates in the supercooled liquid, allowing it to
maintain a disordered state [31].

b. Specific Conditions for Amorphous Alloy Formation

(1) Chemical Bonding Characteristics

The formation of amorphous alloys is closely related to the chemical bonding char-
acteristics of the substance [32]. The type and strength of chemical bonds determine key
parameters such as melting point, rheological properties, and viscosity coefficient. For
example, substances with covalent and ionic bonds form network structures, which have
high viscosity and favor the formation of amorphous states. Additionally, electronegativity
affects the glass-forming ability; oxides composed of atoms with low electronegativity are
difficult to form into an amorphous state.

(2) Atomic Size and Composition

Differences in atomic size and compositional complexity in alloy systems significantly
affect the glass-forming ability. Egami’s research suggests that when the atomic size
difference between components exceeds 12%, it promotes a densely packed random atomic
structure, enhancing the glass-forming ability [33]. Moreover, multi-component alloy
systems with complex compositions have a high nucleation barrier, significantly increasing
the tendency to form an amorphous state.

(3) Thermodynamic and Kinetic Stability

Methods to enhance the stability of amorphous alloys include increasing the crys-
tallization temperature and the glass transition temperature, thereby achieving a wide
supercooled liquid region. Alloy systems should possess high diffusion or nucleation
barriers to maintain the stability of the amorphous state over a wide temperature range.

2.2. Rapid Solidification Techniques

Typical gas-phase processes include vapor deposition, such as physical vapor deposi-
tion (PVD) and chemical vapor deposition (CVD) [34]. The amorphous alloys prepared
by vapor deposition are mostly thin film samples. A popular vapor deposition technique
is ion beam sputtering deposition, a type of PVD [35]. This process uses a high-energy
particle beam, such as an argon (Ar) ion beam, to bombard the target material’s surface
atoms, causing them to detach from the target. The detached atoms then deposit on a cold
substrate to form an amorphous alloy film [26]. Due to the direct condensation from the
vapor phase to the solid phase, this process achieves a cooling rate of up to 1013 Ks−1.
At such high cooling rates, many metals and their alloys can avoid crystallization and
form amorphous alloys, and even pure metals can form pure amorphous states [35,36].
As an example, Wang et al. successfully prepared an amorphous iridium-nickel-tantalum
(Ir-Ni-Ta) alloy film hydrogen evolution catalyst with high intrinsic activity using ion beam
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sputtering deposition [37]. The ion beam sputtering deposition technique they used is
shown in Figure 2, which also illustrates the auxiliary ion source generally used for cleaning
the deposited substrate.

Figure 2. Schematic diagram of ion-beam sputtering deposition technology. Reprinted with permis-
sion from Ref. [37], Copyright 2020, copyright John Wiley and Sons.

There are various methods for preparing amorphous alloys through liquid processes,
such as rapid solidification of alloy melts [38] and electrochemical deposition [39]. Common
laboratory methods for preparing amorphous alloys through liquid processes include melt
spinning, copper mold suction casting, and spray casting [40]. In the melt spinning process,
the alloy is first melted into a liquid state through induction melting, then rapidly ejected
onto a high-speed rotating copper wheel by applying pressure with an inert gas. This
causes the melt to rapidly solidify and form an amorphous state before crystallization can
occur [41]. In the spray casting process, the alloy is also first melted and then rapidly ejected
into a cooled copper mold by applying pressure with an inert gas, forming an amorphous
state. By altering the internal shape of the mold, the ability of the alloy system to form bulk
amorphous alloys can be measured, i.e., the maximum size of the bulk amorphous alloy
that can be formed [35]. In the copper mold suction casting process, the alloy ingot is melted
into a liquid state through arc melting in a mold with small holes of different diameters at
the bottom. Due to surface tension, the alloy melt typically does not automatically drop
into the mold. A mechanical pump at the bottom of the mold generates a certain suction
force to draw the alloy melt rapidly through the mold holes into the mold, where it is
quickly solidified into an amorphous alloy [35].

The core of these liquid processes for preparing amorphous alloys is the cooling
rate of the liquid melt. Typically, the melt spinning process can achieve a cooling rate
on the order of 106 Ks−1, while the cooling rate in the copper mold casting process is
much lower, around the order of 103 Ks−1 [36]. Therefore, these methods have limited
cooling rates and are restricted by the glass-forming ability of the alloy systems. Generally,
only alloy systems with good glass-forming ability can be prepared into an amorphous
state using these methods, such as certain Zr-based (e.g., Zr65Cu17.5Ni10Al7.5) and Pd-
based (e.g., Pd40Cu30Ni10P20) alloy compositions [35]. For systems with exceptionally
good glass-forming ability, such as the aforementioned Pd-based systems, even a simple
water-quenching process of the melt can result in an amorphous state [42].
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Electrochemical deposition offers another method for preparing amorphous metals
or alloys via liquid processes. In the electrochemical deposition process, metals or alloys
containing the desired elements are deposited through electrochemical reduction reactions
from a precursor solution containing these elements. Theoretically, even pure metals with
poor glass-forming ability can form an amorphous state using this method [43]. In fact,
as early as 1950, Brenner et al. first used electrochemical deposition to prepare a series
of phosphorus (P)-containing cobalt (Co) and nickel (Ni) alloys and reported that the
X-ray diffraction pattern of a high-Ni-content P-containing alloy sample showed only a
diffuse pattern, suggesting a possible amorphous phase [44]. Unfortunately, the authors
did not provide the X-ray spectrum in their report, nor the exact composition of the alloy.
Nevertheless, Brenner‘s work indicated the feasibility of preparing amorphous alloys
through electrochemical deposition.

In recent years, Wang et al. reported a method for in situ electrochemical deposition
of amorphous metals in button cells, which can even produce amorphous lithium (Li),
a highly active metal [45]. A schematic diagram of this method is shown in Figure 3.
Figure 3a illustrates a Li metal battery device, which includes a Cu current collector (for
drawing out the negative current), a Li metal anode, electrolyte, separator, a Li transition
metal oxide cathode, and an Al current collector (for drawing out the positive current).
During the battery cycling process, lithium ions (Li+) shuttle between the cathode and
anode is driven by the internal electric field, undergoing electrochemical deposition on
the electrodes. Figure 3b shows a schematic of Li+ undergoing electrochemical deposition
on the Li metal anode. With a reasonable device design and appropriate electrochemical
deposition conditions, the amorphous metal Li can be obtained [45]. Although this in situ
electrochemical deposition method often yields only a very small amount of amorphous
metal in a single experiment, and the sample preparation and transfer process is rather
cumbersome, it represents a significant advancement in the preparation of highly active
metals in an amorphous state. Typical cooling rates for these techniques can range from
a few 103 K/s for copper mold casting up to several thousand 106 K/s for melt spinning
processes. Other techniques, such as electrochemical deposition and mechanical alloying,
do not directly specify cooling rates but involve conditions that promote the formation of
amorphous phases.

Figure 3. Cont.

102



Inorganics 2024, 12, 232

 

Figure 3. Schematic diagram of preparation of non-crystalline Li by in situ electrochemical deposition
(a) Schematic diagram of a Li metal battery device (Reprinted with permission from Ref. [45],
Copyright 2018, copyright The American Association for the Advancement of Science). (b) Schematic
diagram of in situ electrochemical deposition of Li ions (Reprintedwith permission from Ref. [46],
Copyright 2020, copyright ROYAL SOCIETY OF CHEMISTRY, ETC).

2.3. Other Production Methods

There are many methods for preparing amorphous alloys through solid-state processes,
such as irradiation-induced amorphization [47], deformation-induced amorphization [48],
and the rolling process [49]. However, the most commonly used method is mechanical
alloying [1]. The basic principle of mechanical alloying is to induce severe deformation in
the mixed metal powders through mechanical means. This process increases the defect
content in the system and raises the Gibbs free energy, facilitating the transition from a
stable state to a metastable state, such as the transformation from mixed elemental metal
powders to amorphous alloy powders [50], as illustrated in Figure 4.

Figure 4. Basic principle of mechanical alloying process. Adapted with permission from Ref. [50],
Copyright 2001, copyright Elsevier.

Thin film metallic glasses (TFMGs) are typically prepared using deposition techniques
such as physical vapor deposition (PVD) and sputtering, which allow for high-quality
amorphous films with uniform thickness [51]. These films exhibit superior mechanical
properties compared to bulk metallic glasses, including higher strength and increased
ductility. At the nanoscale, TFMGs can attain ceramic-like strengths and metal-like ductility
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simultaneously without the catastrophic failure associated with bulk materials. The reduc-
tion in size limits the formation of shear bands, promoting homogeneous deformation [52].
This section provides an overview of deposition techniques, unique film architectures,
and their applications, focusing on their mechanical behavior. Pulsed Laser Deposition
(PLD) is a powerful technique for synthesizing ultrafine nanolaminates (U-NLs) with
precise control over local heterogeneities. PLD allows the creation of novel crystal/glass
U-NLs, such as structures with ~4 nm thick crystalline Al layers separating 6 and 9 nm
thick Zr50Cu50 glass nanolayers. This technique achieves a high density of sharp inter-
faces and significant chemical intermixing. Compact U-NLs, grown atom-by-atom, exhibit
high mass density (~8.35 g/cm3) and enhanced mechanical properties, including hardness
and yield strength up to 9.3 and 3.6 GPa, respectively. In contrast, nanogranular U-NLs,
formed via cluster-assembled growth, show slightly lower yield strength (3.4 GPa) but
enhanced elastoplastic deformation (~6%) [53]. Multilayer films, consisting of alternating
layers of different materials, provide unique opportunities to tailor the mechanical and
functional properties of metallic glasses. These films can control shear band nucleation and
propagation, resulting in improved strength and ductility. Nanogranular films featuring
nanometer-sized grains dispersed in an amorphous matrix exhibit exceptional mechan-
ical properties such as high hardness and wear resistance. These films are particularly
promising for microelectronics and coatings applications. Their formation mechanisms
and properties suggest significant potential in microelectronics, particularly in MEMS
and NEMS devices, where high-performance electronic components are essential. In the
coatings industry, TFMGs offer excellent corrosion and wear resistance, making them ideal
for protective coatings in aerospace and automotive applications [54]. The robust properties
of these films are crucial for industries requiring durable and long-lasting materials. The
combination of high hardness, yield strength, and elastoplastic deformation makes TFMGs
suitable for environments where mechanical stress and exposure to harsh conditions are
common. In conclusion, the deposition techniques and unique architectures of TFMGs
enable the development of materials with superior mechanical properties and a wide
range of applications. The advancements in PLD and the exploration of compact versus
nanogranular films highlight the versatility and potential of TFMGs in various high-tech
industries.

It should be noted that the product obtained from the mechanical alloying process
is usually amorphous alloy powder, which often requires further processing to achieve
the desired final product. The most common method for achieving mechanical alloying
is high-energy ball milling. In this method, pure metal elemental powders or pre-alloyed
powders in specific proportions are mixed with quenched steel balls or hard alloy balls in a
certain ratio and placed in a ball mill jar. The jar can be filled with a specific atmosphere or
vacuum. The prepared jar is then mounted on a ball mill, and the milling parameters, such
as rotation speed and milling time, are set according to the desired outcome. Ultimately,
the required amorphous alloy powder can be obtained [50]. Figure 5 shows a planetary
high-energy ball mill and its ball mill jar.

 

Figure 5. A planetary high-energy ball mill (left) and its milling jar (right).
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3. Structure and Properties

3.1. Description of the Atomic Structure of Amorphous Alloys

The earliest structural models of amorphous alloys may originate from studies on the
structure of liquids. Specifically, early explorations of mathematical and physical models
of liquid structures by Bernal and colleagues at the University of Cambridge in the 1960s
laid the foundation for qualitative structural models of amorphous alloys. A key point
in this was the introduction of the concept of random close packing [55]. Because glass is
also considered a “frozen liquid” [56], amorphous alloys, also known as glassy alloys or
metallic glasses, naturally lend themselves to the application of the random close packing
concept in their structural modeling. This involves modeling the structure of amorphous
alloys using the random close packing of equal-sized hard spheres, which may be among
the earliest studies on the structural models of amorphous alloys [53].

However, this model has several deficiencies. One significant issue is that it does
not address the structure of amorphous alloys containing components of different sizes
and concentrations. Additionally, the introduction of components of varying sizes and
concentrations makes the model analysis extremely difficult. Furthermore, the nearest
neighbor coordination in this model is similar to the crystalline phase, seemingly not
meeting the requirements of randomness and being difficult to extend beyond the near-
est neighbor coordination shell to obtain the medium-range order discovered later in
amorphous alloys [57].

From 2004 onwards, Miracle et al. further proposed and gradually refined the cluster-
dense packing model for amorphous alloys [57–60], as shown in Figure 6. In this model,
the authors proposed that the basic units for constructing the structure of amorphous alloys
are not the atoms of the components themselves but clusters centered around solute atoms
that can pack effectively, such as FCC and HCP clusters, which are favorable because they
can most efficiently fill space [60]. These clusters, as basic units, can be idealized as spheres
packed in three-dimensional space, filling the space [51]. The order of the solute forming
the clusters does not extend beyond even a few cluster distances due to internal strain, thus
not forming long-range order or orientational order [61]. Adjacent clusters share solvent
atoms in a vertex-sharing, edge-sharing, or face-sharing manner, causing the clusters to
overlap in the nearest neighbor coordination shell, with solvent atoms randomly occupying
positions. From a topological perspective, regardless of the number of elements in the alloy,
there are only three types of solutes, each with a specific size relative to the solvent, to
produce effective atomic packing [57].

The schematic of this model is shown in Figure 6a,b. In the left part of Figure 6a, Ω
represents solvent atoms (within the first shell), and the three types of solutes are α as
the solute forming the primary cluster or the cluster center, β as the solute occupying the
octahedral interstices of the cluster, and y as the solute occupying the tetrahedral interstices
of the cluster (not illustrated in the Figure) [57]. From the perspective of structural sites,
combining Ω, the cluster-dense packing model suggests that there are no more than four
different types of sites (Ω, α, β, y) in the structure of amorphous alloys. The occupation
of these sites can provide information on the minimum solute concentration for forming
amorphous alloys [60]. If some sites are unoccupied, this corresponds to vacancies in
the structure; if the solvent occupies solute sites, such as Ω occupying the α site, it forms
antisite defects. The right part of Figure 6a shows the three-dimensional packing of solvents
and various clusters. Here, α solutes are wrapped by pink solvents Ω, β solutes are purple
spheres, and y solutes are orange spheres. Figure 6b shows a cluster organized in a
hexagonal arrangement with vertex-sharing and face-sharing connections (bottom right
inset). This packing method imagines the cluster as a sphere packing (spheroidal packing)
to fill space. Since clusters are not true spheres, the gaps and contact modes between
clusters (as shown in the bottom right inset) vary, causing distortions and deviations from
the strict lattice form of HCP packing, resulting in an amorphous structure [21].
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Figure 6. The cluster dense packing structure model of amorphous alloys. (a) Basic structural unit of
the cluster dense packing model (Reprinted with permission from Ref. [57], Copyright 2004, copyright
Springer Nature). (b) HCP organization form of the clusters, and (c) some clusters that can effectively
pack, with numbers indicating coordination numbers (Reprinted with permission from Ref. [21],
Copyright 2012, copyright Springer Nature).

The cluster-dense packing model has achieved some theoretical and experimental
successes. First, the structure of amorphous alloys can be constructed purely from topology
(relative sizes and number of components), involving no more than four topologically
different sites: Ω, α, β, and y or one solvent Ω and three solutes α, β, and y (only three
topologically different ones) [57]. Depending on the packing of clusters, defects may
appear in the structure, such as vacancies like β, y vacancies, and antisite defects like Ω
occupying the α site. This construction links the static structural model to some dynamic
processes in amorphous alloys, such as diffusion and relaxation. Second, early structural
models of amorphous alloys could not explain the physical origin of short-range order and
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medium-range order. The cluster-dense packing model provides a simple and intuitive
physical origin for these orders: the clusters as basic structural units are themselves short-
range ordered, consistent with the short-range order in crystalline alloys of the same
composition as amorphous alloys, such as FCC and HCP clusters. Short-range order is
highly sensitive to topology, electronic structure, and even minor compositional changes,
controlling the formation and stability of amorphous alloys, which tend to crystallize into
crystalline phases with the same local order (including short-range and medium-range
order) as corresponding crystalline alloys [57]. Medium-range order is formed by the spatial
organization of overlapping clusters, with the medium-range order scale predicted by the
cluster-dense packing model being about 1 nm [58,61]. Third, experimental characterization
has found that the density of amorphous alloys is often only about 0.5% lower than that
of crystalline alloys of the same composition [21], indicating a very high atomic packing
efficiency in amorphous alloys. The density of amorphous alloys obtained from the cluster-
dense packing model matches well with experimentally measured densities. Furthermore,
the compositions of many early binary amorphous alloys and the diffraction experimental
results of the short-range and medium-range order they contain also match the predictions
of the cluster-dense packing model [62]. However, the cluster-dense packing model is
not yet perfect. As pointed out by the original authors of the model, it is not entirely
predictive and still requires quantitative descriptions of chemical interactions to determine
how topologically equivalent but chemically significantly different solutes enhance or
inhibit the stability of amorphous alloys [57]. Additionally, the packing fractions given by
the model are sometimes unrealistically high, which is another shortcoming [21].

This section mainly reviews two typical structural models proposed during the study
of amorphous alloy structures. In fact, researchers have proposed various structural models
for amorphous alloys, but they generally revolve around sphere packing (including later-
developed soft sphere packing) and cluster packing [63]. Currently, there is no consensus
on the structure of amorphous alloys, and many different structural models exist for
different amorphous alloy systems. These models can be effective in solving specific system
problems but still have many shortcomings in quantitative descriptions [63]. Solving the
structural issues of amorphous alloys remains a challenging and long-term task.

3.2. X-ray Diffraction and Transmission Electron Microscopy Analysis

X-ray diffraction (XRD) techniques and their derivative methods have been extensively
utilized to investigate various aspects of amorphous alloys. These techniques range from
confirming the amorphous state to analyzing the microstructure, such as short-range order,
medium-range order, and coordination number, as shown in Figure 7. Figure 7a presents
the conventional XRD spectrum of the Ir-Ni-Ta amorphous alloy system, which is frequently
used in contemporary laboratories to preliminarily confirm the amorphous state of samples.
Figure 7 confirms that a series of Ir-Ni-Ta amorphous alloys are indeed amorphous [64].
Moreover, conventional XRD spectra can also reflect specific local structural information.
For instance, Figure 7b shows the conventional XRD spectra of a set of Al(90-x)Ni10Cex
(x = 3, 5, 6, 8) amorphous alloys. Besides the main peak, a distinct prepack appears on the
low-angle side of the XRD spectra. The original authors attributed this to the medium-
range ordered cluster structure related to cerium (Ce) in these amorphous alloys [65]. It is
worth noting that the original image of this Figure lacks units on the horizontal axis 2θ,
which might have been omitted in the original text. However, this omission does not affect
the interpretation of Figure 7.
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Figure 7. Various X-ray diffraction techniques are used to characterize the structure of amorphous
alloys. (a) Conventional XRD spectrum of Ir-Ni-Ta amorphous alloy (Reprinted with permission
from Ref. [64], Copyright 2019, copyright Springer Nature). (b) Conventional XRD spectrum of
Al(en)NinoCes (x = 3, 5, 6, 8) amorphous alloy with a prepack (Reprinted with permission from
Ref. [65], Copyright 2004, copyright Elsevier).

With the continuous development of synchrotron radiation technology, various X-ray
techniques based on synchrotron radiation can also effectively characterize the structure
of amorphous alloys [66–68]. In addition to the more common high-energy synchrotron
XRD, techniques such as Extended X-ray Absorption Fine Structure (EXAFS) [69] and
X-ray Cross-Correlation Analysis (XCCA) [70] are also employed, as shown in Figure 8.
Figure 8 displays the EXAFS spectra at the Cu-K and Zr-K absorption edges (left) and
their corresponding Fourier transform spectra (right) for Cu50Zr50, Cu45Zr45Ag10, and
Cu40Zr40Ag20 amorphous alloys [69]. These spectra reveal the variations in the nearest-
neighbor coordination of Cu and Zr in three different compositions of amorphous alloys.
For example, the Cu-K edge spectra of Cu50Zr50 and Cu45Zr45Ag10 in the upper section
almost overlap, indicating that the addition of 10 at.% silver (Ag) hardly affects the nearest-
neighbor coordination of the Cu shell [69]. However, the Cu-K edge absorption spectrum of
Cu40Zr40Ag20 differs significantly, showing splitting, which the authors attribute to possible
phase separation in the sample [69]. The Zr-K EXAFS spectra in the lower section of Figure 8
show significant changes with the addition of Ag, especially on the low wavenumber side.
The Fourier transform spectra on the right indicate that this change might be related to
the inconsistency in peak intensity of the corresponding Zr-Zr atomic pairs. Since peak
intensity is related to the number of neighboring atoms, and considering that the Cu-
K EXAFS spectra of Cu50Zr50 and Cu45Zr45Ag10 in the upper section show almost no
change, the authors inferred that the addition of Ag selectively replaced some Zr-Zr atomic
pairs with Zr-Ag atomic pairs [69]. Wochner P shows a schematic diagram of the XCCA
technique apparatus. An incident coherent X-ray beam is collimated and then directed
onto the sample, such as the colloidal sample shown in the figure, resulting in a two-
dimensional diffraction pattern [70]. Through quantitative analysis (the diagram illustrates
the construction of the cross-correlation analysis function), information about the local
symmetry within the amorphous structure can be obtained. The diagram demonstrates the
local five-fold symmetry (LFS) of PMMA (polymethyl methacrylate, also known as acrylic
glass) spheres [70].
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Figure 8. Synchrotron-based X-ray techniques are used to characterize the local structure of amor-
phous alloys. Reprinted with permission from Ref. [69], Copyright 2009, copyright American
Physical Society.

Despite the significant convenience and rich structural information provided by X-
ray diffraction (XRD) techniques for characterizing amorphous alloys, certain limitations
necessitate the supplementation of other characterization techniques. X-ray-based char-
acterization techniques typically target the overall amorphous alloy sample and often
record the intensity information of X-rays scattered by the sample during the experiment,
lacking phase information. The results obtained from analyzing intensity information
generally reflect the structural information of the entire sample as a statistical average [71].
Consequently, these techniques cannot provide more detailed atomic-level structures and
local environments, such as the short-range and medium-range order in amorphous alloys.

Furthermore, the structural information extracted by characterization methods based
on X-ray diffraction techniques, such as RDF (which reflects the correlation between two
atoms or atomic pairs rather than multi-body correlations), often only indirectly reflects
the statistical distribution of atomic distances and atomic coordination in amorphous al-
loys [72]. These methods cannot provide direct visual structural images. While X-ray-based
characterization techniques can produce reconstructed images, their resolution is relatively
low [73]. For instance, computer-assisted tomography (CT) can reconstruct microstructural
images of materials based on X-ray tomography. However, the spatial resolution of CT is
limited and cannot reveal the precise structural or chemical composition information of
different regions. Even though the latest third-generation synchrotron radiation sources
can produce intense and bright X-rays, allowing for relatively short acquisition times and
dynamic CT, the resolution of the reconstructed images is constrained by the physical size
of the X-ray beam used, typically in the micrometer range [74]. Advanced nano-CT (with
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X-ray beam sizes on the nanoscale) has a resolution of only a few tens of nanometers [73,75],
which far exceeds the scale of characteristic local structures in amorphous alloys, such as
medium-range order, which is approximately 5–20 Å [72]. This resolution is much larger
than the scale of local structures in amorphous alloys, and even tiny nanocrystals cannot
be detected by nano-CT.

Characterization techniques based on electron diffraction provide a highly resolved
method for imaging typical local structures in amorphous alloys. Nowadays, advanced
transmission electron microscopy (TEM) can achieve sub-angstrom resolution. TEM with
spherical aberration correction can easily achieve atomic-level resolution, allowing the
observation of phenomena such as the formation of metallic bonds between two metal
atoms [76] and interstitial atoms in solid solutions [77]. TEM used for observing the
structure of amorphous alloys can provide direct visual images, directly imaging various
local orders [78], structural heterogeneities [79], and compositional fluctuations [80] in
amorphous alloys.

In recent years, significant advances have been made in the study of the atomic-level
structure of amorphous alloys, driven by advanced TEM characterization techniques.
Around 2011, Chen and colleagues developed Aemi Beam Electron Diffraction (ABED)
techniques, which are capable of directly observing short-range order, such as icosahedral
order, in amorphous alloys, as illustrated in Figure 9 [81,82]. Figure 9a shows the ABED
experimental setup, with a coherent electron beam diameter of 3.6 Å. This probe size is
close to the characteristic local structures in amorphous alloys (typically, the short-range
order in amorphous alloys is believed to be 2–5 Å, medium-range order is 5–20 Å, and the
long-range order is over 20 Å [10]), enabling the direct detection of these local structures.
Figure 9b presents diffraction patterns in the 2-, 3-, and 5-fold symmetry axis directions
of an ideal icosahedron from molecular dynamics simulations. The original literature
notes that the experimentally observed diffraction patterns in these directions retained
only part of the corresponding axial symmetry of the ideal icosahedron. The discrepancy
between experimental and simulated results is attributed to some distortion in the observed
icosahedrons. When using distorted icosahedrons for simulation, the results closely match
the experimental observations, as shown in Figure 9c [81]. Breakthroughs in advanced
aberration-corrected electron microscopy, data acquisition, three-dimensional image recon-
struction, and atomic tracking algorithms have made atomic electron tomography (AET) a
more powerful tool for characterizing the structure of materials.

By collecting projection images of the sample from multiple directions and combining
them with computer-aided reconstruction [83], as shown in Figure 10, AET can determine
the three-dimensional grain boundaries of crystalline materials, the three-dimensional
structure of dislocation core, and track the coordinates of individual atoms within the
sample [83].

Atomic Electron Tomography (AET) has significantly advanced the determination of
the three-dimensional atomic structure of amorphous alloys by enabling the tracking of
individual atomic coordinates. In 2021–2022, researchers such as Yang [84] and Yuan [85]
utilized this technology to map the three-dimensional atomic structures of multi-component
(Co, Ni, Ru, Rh, Pd, Ag, Ir, Pt) amorphous nanoparticles, pure Ta amorphous films, and pure
Pd amorphous nanoparticles, as illustrated in Figure 11. Figure 11a,b showcase the AET
three-dimensional reconstructed images of the multi-component amorphous nanoparticles
and the four typical medium-range ordered atomic packing configurations within them.
In Figure 11a, due to the limitations of current AET technology, only three types of atoms
in the multi-component amorphous nanoparticles can be distinguished: Type1 (Co or
Ni), Type2 (Ru or Rh or Pd or Ag), and Type3 (Ir or Pt). Consequently, the reconstructed
image displays only these three types of atomic coordinates [84]. Figure 11b illustrates four
medium-range ordered structures found in the amorphous nanoparticles: FCC-like, HCP-
like, BCC-like, and SC-like atomic packing states, containing 22, 14, 11, and 23 solute centers
(large red spheres), respectively. These single solute-centered clusters (dashed circles) are
randomly distributed. On the right side of these medium-range ordered structures, the
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quasi-lattice arrangements of solute-centered atoms along specific axial directions are
shown after the removal of solvent atoms, though they significantly deviate from ideal
lattice structures [84]. Figure 11c displays the AET three-dimensional reconstruction results
of pure Ta amorphous films and Pd amorphous nanoparticles. The gray areas on the
surface represent some crystal nuclei. Figure 11d depicts the multiple tetrahedral packing
of atoms in these two pure amorphous substances, with the tetrahedral centers indicated
by small black spheres. The connections between tetrahedral centers form triangular,
quadrilateral, pentagonal, and hexagonal bipyramidal configurations [85], with brown
spheres representing capping atoms.

 

Figure 9. The ABED results of icosahedral short-range order in Zr80Pt20 amorphous alloy.
(a) Schematic diagram of the ABED experiment (Reprinted with permission from Ref. [81], Copyright
2013, copyright Science). (b) Ideal icosahedral 5-, 3-, and 2-fold symmetry axis diffraction pattern
from molecular dynamics simulation (Reprinted with permission from Ref. [81], Copyright 2013,
copyright Science). (c) Comparison of experimentally observed and molecular dynamics simulated
distorted icosahedral 5-, 3-, and 2-fold symmetry axis diffraction patterns (Reprinted with permission
from Ref. [81], Copyright 2013, copyright Science).

These studies experimentally confirm the pervasive presence of short-range order in
amorphous alloys and pure substances, as well as the formation of medium-range order
through the interconnection of these short-range ordered superclusters [84]. The experi-
mental results also partially validate the dense cluster packing model of the amorphous
alloy structure proposed by Miracle and others [59]. Additionally, the AET reconstructed
atomic structures highlight the inherent compositional and structural heterogeneity of
amorphous alloys.
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Figure 10. Atomic-level electron tomography (AET) technique and its applications. Reprinted with
permission from Ref. [83], Copyright 2016, copyright Science.

Figure 11. Atomic structure reconstructed by atomic electron tomography (AET) technology of multi-
component (Co, Ni, Ru, Rh, Pd, Ag, Ir, Pt) amorphous nanoparticles and elemental Ta amorphous
thin films, elemental Pd amorphous nanoparticles. (a,b) Three-dimensional reconstruction of atomic
structure of multi-component amorphous nanoparticles and medium-ordered atomic accumulation
therein (Reprinted with permission from Ref. [84], Copyright 2021, copyright Springer Nature).
(c) Three-dimensional reconstruction of atomic structure of elemental Ta (left) amorphous thin films
and Pd (right) amorphous nanoparticles (Reprinted with permission from Ref. [85], Copyright
2022, copyright Springer Nature). (d) Polytetrahedral packing found in elemental amorphous Ta
films and Pd nanoparticles (Reprinted with permission from Ref. [85], Copyright 2022, copyright
Springer Nature).
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4. Physical and Chemical Properties

4.1. Mechanical Properties

Mechanical properties are key indicators for structural materials, and amorphous
alloys have set numerous records for the mechanical properties of metal materials, such
as the highest elastic limit [19], highest fracture strength [86], and highest fracture tough-
ness [87]. Amorphous-nanocrystalline composites can even achieve superior mechanical
properties [88], with some summarized in Figure 12. Due to the structural defects in amor-
phous alloys being confined to a few atomic dimensions, they do not exhibit the typical
slip along specific planes seen in crystalline materials under external forces. This results
in unique deformation behavior and mechanical property characteristics. High strength
is the most notable mechanical property of amorphous alloys. For example, the fracture
strength of bulk amorphous alloys can reach 1023 MPa for Mg-based [89], 2083 MPa for
Ti-based [90], 2477 MPa for Zr-based [91], 3542 MPa for Ni-based [92], and 3280 MPa for
Fe-based alloys [93]. Notably, the fracture strength of Co-based amorphous alloys is even
more remarkable, with reports indicating that Co43Fe20Ta5.5B31.5 can reach 5185 MPa [94],
whereas the strength of crystalline materials of the same alloy system is only a fraction or
even a tenth of that of amorphous alloys.

Similarly, the resistance of amorphous alloys to indentation by hard objects is much
higher than that of their crystalline counterparts. For instance, the Vickers hardness
of Fe41Co7Cr15Mo14C15B6Y2 [19] can reach 12.53 GPa, while the hardness of ordinary
crystalline iron alloys is only about 0.2 MPa. The elastic modulus is an important physical
quantity that describes the elasticity of a material, and it varies with the system and
composition. Although the elastic modulus of amorphous alloys is lower than that of their
crystalline counterparts, their elastic strain is around 2%, more than four times higher
than that of high-carbon spring steel. Additionally, due to their high elastic limit, bulk
amorphous alloys have a very high elastic specific energy.

Fracture toughness reflects the ability of a material to resist crack instability and
propagation, which is crucial for the strength design of components. With the continuous
optimization of the composition of amorphous alloys, their fracture toughness has signifi-
cantly improved. For example, the fracture toughness of Zr-based [95] amorphous alloys
reached 86 MPa·m1/2. Early amorphous alloys exhibited inhomogeneous strain under
external forces, making fatigue cracks prone to nucleation under fatigue stress, resulting in
lower fatigue life compared with traditional crystalline materials. This is mainly reflected
in the differences in fatigue stress and cycle numbers. However, with continuous efforts
by researchers, the fatigue properties of some bulk amorphous alloys have reached levels
similar to traditional crystalline materials. For example, Gilbert [96] studied the crack
propagation behavior of Zr-Ti-Cu-Ni-Be amorphous alloys and found that the stress range
applied in this system determined the crack propagation rate. The load ratio had a similar
effect to crack closure, and the fatigue fracture surface exhibited fatigue cracks similar to
those in ductile metals.
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Figure 12. Mechanical properties of amorphous alloys. (a) Elastic limit-strength diagram of amor-
phous alloys (Adapted with permission from Ref. [19], Copyright 2004, copyright Elsevier). (b) The
highest fracture strength of Co-Fe-Ta-B amorphous alloy (Adapted with permission from Ref. [86],
Copyright 2004, copyright Elsevier). (c) The highest fracture toughness of Pd79Ag3.5P6Si9.5Ge2 amor-
phous alloy (Adapted with permission from Ref. [87], Copyright 2011, copyright Springer Nature).
(d,e) TiNi-based amorphous nanocrystalline composites can achieve higher elastic specific work and
elastic limits (Adapted with permission from Ref. [88], Copyright 2020, copyright Elsevier).

4.2. Thermal Properties

The temperature range between the glass transition temperature (Tg) and the crystal-
lization temperature (Tx) is referred to as the “supercooled liquid region”. In this region,
amorphous alloys exhibit high viscosity and varying degrees of superplastic deformation
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behavior [97]. These characteristics enable the forging and extrusion of amorphous alloys
to produce micro gears and precision instrument components. One of the most prominent
features of amorphous alloys is their excellent magnetic properties. Due to the absence
of grain boundaries, there are no obstacles, such as precipitated phase ions, to pin the
domain walls, making amorphous alloys with soft magnetic properties easy to magnetize
and extremely low coercivity. Additionally, the higher electrical resistivity in amorphous
alloys can significantly reduce eddy current losses associated with changes in the direction
of magnetic domains. In terms of electrical properties, the long-range disorder of atomic
arrangement in amorphous alloys enhances their ability to scatter electrons. At room
temperature, their resistivity is generally 100–300 μΩ·cm, which is 2–3 times that of tradi-
tional crystalline alloys. Furthermore, the resistivity of amorphous alloys is less affected
by temperature, resulting in a smaller temperature coefficient of resistivity compared to
crystalline alloys.

4.3. Chemical Properties

Amorphous alloys exhibit high corrosion resistance due to the absence of defects in
their structure and lack of compositional segregation. This results in a uniform atomic struc-
ture and chemical composition, leading to widespread application. Studies have shown sig-
nificant hydrogen absorption capabilities in amorphous alloys, especially Mg-based alloys
with a hydrogen adsorption ratio close to 100% [98]. When used as electrode materials, Pd-
based amorphous alloys demonstrate a strong ability to generate chlorine gas, with minimal
material consumption after 500 cycles, less than one-tenth of that seen in general electrode
materials, which degrade significantly after 20 or fewer cycles [99]. The passivation film
formation rate in amorphous alloys is faster and more uniform compared with crystalline al-
loys. Gao [100] studied Ca-Mg-Zn series amorphous alloys, finding that their bioabsorbable
element composition makes them suitable for use as absorbable materials in orthopedic
surgery. Guo [101] investigated the corrosion resistance of Zr62.3Cu22.5Fe4.9Al6.8Ag3.5
amorphous alloy in artificial seawater using electrochemical methods, concluding that
Zr-based amorphous alloys exhibit lower corrosion current density and potential.

5. Applications

5.1. Aerospace Industry

Amorphous alloys will have important applications in high-tech fields, which can mit-
igate their high cost while fully utilizing their unique properties. For example, amorphous
alloys are considered essential candidate materials in the aerospace industry. The elastic
deformation behavior of amorphous alloys is particularly significant for key structural ma-
terials that rely on elastic energy deployment. The elastic deformation of amorphous alloys
can reach up to 2%, and their current maximum elastic limit exceeds 5000 MPa. Among
lightweight amorphous alloys, titanium-based variants have an elastic limit exceeding 2000
MPa, which is unattainable by conventional crystalline and polymer materials. Recently
discovered single-phase amorphous alloys with tensile strengths greater than 1.5 GPa and
fracture toughnesses up to 200 MPa

√
m represent the highest fracture toughness among

materials, achieving a perfect combination of high strength and high toughness. Therefore,
amorphous alloys can meet the stringent performance requirements of large deployable
structures in spacecraft. NASA collaborated with Professor Johnson’s research group at
the California Institute of Technology shortly after the discovery of bulk amorphous al-
loys to develop high-hardness, high-specific-strength amorphous alloy foam materials.
They also utilized the chemical homogeneity of amorphous alloys for solar wind collector
materials [102].

5.2. Biomedical Engineering

Another important characteristic of amorphous alloys is their biocompatibility, degrad-
ability (such as in Ca- and Mg-based amorphous alloys), and non-allergenicity. These
properties make them suitable for medical applications, including repairing implants and
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manufacturing surgical devices like surgical knives, artificial bones, biosensing materials
for electromagnetic stimulation within the body, and artificial teeth [103]. Biodegradable
biomaterials for implantation in the body are advantageous because they can avoid the
need for secondary surgeries to remove the implant and prevent biological rejection issues
associated with permanent implants. Mg-based amorphous alloys, due to their degradabil-
ity, high strength, and elastic modulus close to that of bone, have the potential to become
the next generation of materials for internal scaffolds. Thus, Mg-based amorphous alloys
hold great promise in the field of biodegradable biomaterials.

5.3. Electronics and Energy Technology

The most mature and widely used application of amorphous alloys is in the field of
amorphous magnetism [103]. Fe-, Ni-, and Co-based amorphous alloy ribbons have found
extensive applications due to their excellent soft magnetic properties. These ribbons have
become the ideal core materials for various transformers, inductors, sensors, magnetic
shielding materials, and radio frequency identifiers. They are now indispensable funda-
mental materials in the fields of power, power electronics, and electronic information, with
their manufacturing technology being quite mature.

Recently, Tohoku University in Japan developed various ferromagnetic bulk amor-
phous alloys and prepared toroidal magnetic cores using copper mold casting. These
bulk amorphous alloys exhibit high magnetic saturation strength, high permeability, low
coercivity, and low saturation magnetostriction, making their soft magnetic properties far
superior to those of traditional silicon steel sheets and conventional crystalline magnetic
materials [103]. It is anticipated that these materials will soon be applied in the rapidly
developing electronic information sector, including computers, networks, communications,
and industrial automation.

Electronic devices in these fields extensively use light, thin, small, and highly in-
tegrated switching power supplies, which rely on high-frequency electronic technology.
This necessitates that the soft magnetic cores of transformers and inductors are suitable
for high-frequency applications. Bulk amorphous alloys, with their high saturation mag-
netic induction, high permeability, low loss, and ease of processing, can be directly cast
or processed into micro-cores of various complex structures. These cores can then be
made into transformers or inductors for use in various electronic or communication de-
vices. Consequently, the application prospects and market potential for these materials are
very broad.

6. Challenges and Future Perspectives

6.1. Scalability and Cost Issues in the Production of Amorphous Alloys

The production of amorphous alloys primarily relies on rapid cooling technologies,
which are essential to prevent the formation of crystalline structures. This process re-
quires complex and expensive equipment that is effective only within limited shapes and
sizes, which significantly restricts the feasibility of large-scale production. Techniques
such as investment casting and rapid solidification methods demand precise control over
temperature and cooling rates to ensure the formation of amorphous structures. Any
slight deviation in these parameters can cause crystallization, thereby compromising the
material’s performance and reliability.

The high cost of amorphous alloys primarily arises from the expensive, high-purity
raw materials required, such as titanium, zirconium, and nickel, and the complexity of the
production process. The production process itself, notably the rapid cooling technologies,
demands high energy consumption and precision equipment, thereby further escalating
costs. Additionally, the strict requirements for precise control and specific environmental
conditions during manufacturing can cause minor issues that significantly increase the
scrap rate, thus driving up overall production costs.
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6.2. Optimization of Crystallization Tendency and Thermal Stability

Amorphous alloys are susceptible to crystallization under certain conditions, par-
ticularly at high temperatures or during extended use. This crystallization process can
significantly deteriorate the material’s properties, including strength, toughness, and corro-
sion resistance. Consequently, optimizing the resistance to crystallization in amorphous
alloys has become a critical area of research. Adjusting the alloy’s composition and pro-
cessing parameters has been shown to effectively enhance its resistance to crystallization.
For instance, incorporating a suitable amount of rare earth elements or employing a multi-
component alloy design can inhibit the formation and growth of crystalline nuclei, thereby
maintaining the desired amorphous structure.

Thermal stability in amorphous alloys refers to their capacity to retain their amorphous
structure under high-temperature conditions. This property is essential for applications
that involve high-temperature structural materials and electronic components. To enhance
thermal stability, strategies such as optimizing alloy composition, utilizing heat treatment
processes, and developing surface coatings that resist oxidation and corrosion have been
employed. Furthermore, leveraging advancements in nanotechnology has led researchers
to experiment with integrating nanoparticles or nanofibers into amorphous alloys, a method
that promises to further boost their thermal stability.

6.3. New Alloy Design and High-Throughput Screening Techniques

a. Challenges in New Alloy Design

Complexity of multi-element systems. Amorphous alloys are typically composed of
multiple elements, resulting in complex compositions that render traditional trial-and-error
methods inefficient. This complexity complicates the systematic optimization of alloy
properties as the introduction of each new element can unpredictably affect the alloy’s
structure and performance, adding uncertainty to the design process.

Balancing performance. In new alloy design, it is crucial to balance multiple per-
formance indicators. For example, increasing strength might reduce toughness, while
enhancing corrosion resistance could affect conductivity. Achieving this multi-objective op-
timization necessitates precise design and rigorous control, posing a significant challenge.

Limitations of theoretical models. The existing theoretical models, while useful, have
limitations in guiding new alloy designs, particularly for complex multi-element systems.
Accurately predicting an alloy’s glass-forming ability and physical properties continues to
be a challenging endeavor.

b. Advantages of High-throughput Screening Technology

Rapid screening. High-throughput screening technology facilitates the preparation
and testing of numerous alloy samples with varied compositions simultaneously, signif-
icantly reducing the research cycle. This method swiftly identifies optimal composition
combinations, thereby enhancing research efficiency.

Systematic research. This technology enables researchers to systematically examine
the relationship between composition and performance, aiding in the creation of compre-
hensive databases. Such databases are crucial for uncovering patterns in alloy composition
design and guiding the development of future materials.

Data-driven optimization. Integrating high-throughput screening with machine
learning algorithms allows for the extraction of valuable insights from extensive experimen-
tal data, optimizing alloy design. For instance, machine learning algorithms can pinpoint
potential high-performance alloy compositions from screening data, facilitating predictions
and further optimizations.
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7. Conclusions

7.1. Summary of Research Achievements and Technological Advances in Amorphous Alloys

Amorphous alloys, also known as metallic glasses, have garnered significant atten-
tion due to their unique properties and broad potential applications. The research and
technological advancements in this field can be summarized as follows.

a. Historical milestones and production techniques. The first amorphous alloy was
produced in 1960 at Caltech, which led to the discovery that rapid cooling (in the order
of millions of degrees Celsius per second) is essential to prevent crystallization. Methods
such as melt spinning, solid-state reactions, and mechanical alloying have been developed
to produce amorphous metals. Advances in these techniques have allowed the production
of bulk metallic glasses (BMGs) that can form thicker layers, improving their usability in
various applications.

b. Material properties. Amorphous alloys exhibit superior mechanical properties,
including high tensile strength, high elasticity, and excellent wear resistance compared with
their crystalline counterparts. They also display unique electrical properties, such as high
electrical conductivity and specific behaviors under temperature variations. Their magnetic
properties make them suitable for applications like transformer cores and electronic article
surveillance systems.

c. Applications. The special properties of amorphous alloys have been harnessed
in various fields, including sports equipment, medical devices, and electronics. They are
used in high-efficiency transformers, sensitive flow meters, pressure sensors, and more.
Recent advances in 3D printing and other additive manufacturing techniques have enabled
the creation of larger and more complex amorphous metal structures, expanding their
potential uses.

7.2. Future Research Directions and Technological Challenges

Despite significant advancements, the field of amorphous alloys continues to face
several challenges and opportunities for future research.

a. Enhanced production methods. Developing more efficient and scalable production
techniques is crucial. Current methods require extremely rapid cooling rates, which
limit the size and shape of the resulting amorphous metals. Innovations in additive
manufacturing, such as selective laser melting (SLM) and laser foil printing (LFP), hold
promise for overcoming these limitations, enabling the production of larger and more
complex structures.

b. Material optimization. Research should focus on discovering new alloy composi-
tions that can form glasses at slower cooling rates, making the production process more
practical and cost-effective. There is a need to enhance the ductility and fatigue resistance of
amorphous alloys to broaden their application range, particularly in reliability-critical fields.

c. Advanced applications. Exploring the use of amorphous alloys in biomedical
applications, such as bioabsorbable implants, is a promising area. Alloys that dissolve
in the body at controlled rates can revolutionize medical implants and fracture fixation
devices. The development of amorphous alloys with superior properties, such as the highest
recorded elastic limit, opens new possibilities in defense and aerospace for materials that
can withstand extreme conditions.

d. Theoretical and computational modeling. Advanced computational models, lever-
aging artificial intelligence and machine learning, can accelerate the discovery of new
amorphous alloy compositions and predict their properties more accurately. Theoretical
studies on the electronic and atomic structures of amorphous metals will deepen the un-
derstanding of their unique behaviors and guide the development of new materials with
tailored properties.

In conclusion, while the field of amorphous alloys has made significant strides, on-
going research and technological innovation are essential to fully realize their potential.
Addressing production challenges, optimizing material properties, and exploring new
applications will drive the future success of amorphous alloys in various industries.
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Abstract: In this study, PbO–GeO2 glasses were melt-quenched at different nickel oxide concentra-
tions. XRD and DSC techniques were characterized whether the samples are glass or crystalline
materials. IR, Raman, and optical absorption techniques are used to obtain structural details. The IR
spectra have revealed that the glass network contained conventional structural units GeO4 and GeO6.
The Ni2+ ion octahedral transition exhibited luminescence spectra in the region of 1200–1500 nm;
it is due to 3T2 (3F) → 3A2(3F) transition. The glasses containing the highest concentration of NiO
have been found to have high values of luminescence efficiency and the cross-section. The dielectric
characteristics, such as the dielectric constant, loss, and a.c. conductivity (σac), were analyzed across
extensive frequency and temperature ranges, with a specific emphasis on the nickel oxide concentra-
tion. Analyzing optical absorption and dielectric properties of the samples, it has been found that
nickel ions’ majority occur in tetrahedral sites. It is proved that the dielectric constant and loss values
are highest for the sample N10 and ac conductivity due to dipoles being lowest for the sample N10. It
is revealed that the glasses are highly conducting due to the modifying action of Ni2+ ions so these
glasses are suitable for solid electrolyte uses besides their optical applications in NLO devices.

Keywords: lead germanium nickel oxide glasses; spectroscopic properties; dielectric properties

1. Introduction

Glass plays a crucial role in various applications and technologies, making it an
essential material in our daily lives. So, the glass industry was founded with the aim of
creating a wide range of compounds for everyday use. In all these materials, the most
important heavy metal oxide PbO in general behaves as a glass modifier. Upon entering
into a glass network, the structure of the material changes. The low crystallization value
and high moisture resistance are exposed by this information [1]. It has both a covalent and
an ionic nature, which allows it to function as both a glass maker and a modifier [2]. The
refractive index and melting point of materials are enhanced when lead oxide is introduced
to the glass former. These types of glasses are utilized in situations where shielding,
dispersion, and high refractive index are necessary [3]. The glassy nature is enhanced by
[PbO4] structural units whereas the network modifying action is due to [PbO6] structural
units of PbO. However, germanium oxide is commonly encountered in its vitreous state. It
is considered a classic glass former and is known for its exceptional optical characteristics,
including a refractive index (n~2.17). Moreover, it serves as an efficient transmitter in the
near-infrared (NIR) region [4]. Germanium oxide glasses are used for making optical fibers
and designing laser devices and in the field of nonlinear optics [5]. Since GeO2 glasses have
a high ionic conductivity, solid electrolytes are usually composed of them [6]. A structural
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analysis of germanium oxide indicates that it is composed of structural units made up of
GeO4 and GeO6 [7–9]. Depending on the type of bond between lead and oxygen atoms,
the modifier PbO will act either as a network former or a modifier. Because of Pb ion high
polarizability, a strong covalent Pb–O bond is formed between Pb2+ and O2− ions [10].
Lead germanate glasses are promising candidates for optical amplifiers, and for numerous
types of optical devices and high-speed optical switches containing nonlinearity [11].

The transition metal ions continue to be of interest for possible laser applications.
Numerous transition metal activators have shown promise, particularly those that have
led to successful lasers utilizing cation matrices. The existence and level of cations in glass
have a notable influence on the key physical, structural, and chemical characteristics of
these materials, encompassing electrical, magnetic, and optical properties [12,13].

Nickel containing glasses gained special attraction due to their interesting optical
and dielectric properties; nickel exists in highly suitable Ni2+ ions, which mostly occupies
octahedral sites in glasses with high crystal field energy [14]. There is no accurate evidence
of change in its oxidation state during glass formation and annealing [15]. Visible and near-
infrared region Ni2+ ions can show many absorption bands. The Ni2+ ions in octahedral
configuration in a glass matrix can exhibit lasting action at about a 1.56 μm wavelength at
room temperature. This wavelength is very important in telecommunications [16]. The zero-
dispersion wavelength for GeO2 is 1.7 μm (higher than that of borate, phosphate, or silicate
glasses). The emission of laser beams in the near-infrared region is because of the existence
of Ni2+ ions in the PbO–GeO2 glass network [17]. In addition to being used in nonlinear
optical devices, these glasses were also used in the preparation of broad band optical
amplifiers, power limiters, optical amplifiers, ultrafast optical switches, and lasers [18,19].
The coordination of Ge would continuously change from GeO4 to GeO6 with the addition
of alkali oxides. Recently, the structural properties of germanate-based glasses have been
examined in Na2O-GeO2-TeO2 [20], MnO-GeO2-PbO2 [21], TeO2-GeO2-PbO [22], Na2CO3-
CaO-GeO2 [23], and Ga2O3-GeO2-BaO [24]. Among the reported germanate-based glasses,
the lead germanate matrix has received the most attention due to its excellent properties,
i.e., a relatively large glass-forming region, high transmittance in a wide wavelength region,
superior chemical durability, and thermal stability [25,26].

Very little work was reported about nickel oxide-doped lead germanate glasses; more-
over, work on the dielectric properties of dense glass systems like PbO–GeO2 glasses is
very strange. So, the present work is aimed to report spectral features and dielectric studies
of a nickel oxide-doped PbO–GeO2 glass system by means of spectroscopic techniques
and electrical measurements, thereby comprehending the environment of nickel ions and
explaining suitability of these glasses for specific uses as electrolytes.

2. Results

From the measured density values of PbO–GeO2 glass samples, various other physical
parameters such as polaron radius rp and nickel ion concentration Ni are calculated and
presented in Table 1. As the concentration of nickel oxide increases, the density of the
samples is also increased. The structural variations in the glass network are investigated by
physical properties of the samples.

Table 1. Summary of the data physical parameters of the PbO–GeO2: NiO glasses.

Glass Sample
Density

d (g/cm3)
Molar Volume

Vm (cm3)
Nickel Ion Conc.
Ni (×1021/cm3)

Inter-Ionic Distance of
Nickel Ions

Ri (Å)

Polaron Radius
Rp (Å)

N0 5.56 0.520 -- -- --
N2 6.035 0.886 4.78 5.93 2.39
N4 6.054 0.586 9.60 4.70 1.89
N6 6.072 0.953 14.44 4.10 1.654
N8 6.08 1.008 19.29 3.72 1.50
N10 6.15 0.908 24.41 3.44 1.38
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Figure 1 illustrates the amorphous structure of the samples, as demonstrated by the
absence of Bragg peaks in X-ray diffraction patterns.

Figure 1. XRD patterns of PbO–GeO2: NiO glasses.

Figure 2 displays the differential scanning calorimetric traces of the PbO–GeO2 glass
system doped with nickel oxide, along with the glass-forming ability parameter (Kgl) and
the variation of glass transition temperature (Tg) as indicated in the inset. The pattern
demonstrates fluctuations in Tg in the temperature range of 490 to 510 ◦C with an en-
dothermic effect. Additionally, an exothermic effect is observed due to the crystallization
temperature Tc, which falls in the range of 615 to 630 ◦C. The DSC data in Table 2 illustrate
the changes in (Tg), (Tc − Tg), (Tm − Tc), and (Kgl) [27] of PbO–GeO2 glasses as they
are doped with varying nickel oxide concentrations. It has been observed that the glass-
forming ability parameter Kgl decreases as the concentration of nickel oxide increases. This
trend may be attributed to the alterations in the glass composition and structural properties
resulting from the addition of nickel oxide.

Table 2. DSC data of PbO-GeO2 glasses doped with different concentrations of NiO.

Glass
Tg

(◦C)
Tc

(◦C)
Tm

(◦C)
Tc − Tg

(◦C)
Kgl =

(Tc − Tg)/(Tm − Tc)

N0 497 627 762 130 0.963
N2 499 625 763 126 0.913
N4 503 623 766 120 0.834
N6 505 622 769 117 0.796
N8 506 619 771 113 0.743
N10 504 615 772 111 0.707
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Figure 2. DSC patterns of PbO–GeO2: NiO glasses. The inset shows the variation of Tg and Kgl with
the concentration of NiO.

As shown in Figure 3, titled glass samples were investigated in the 350–1550 nm
wavelength range at room temperature. Between 700 nm and 820 nm, a prominent band
was observed in these spectra. The width and height are increased with increasing the
content of NiO in these spectra. Regarding influences of Ni2+ ions, a number of absorp-
tion bands are observed. In the visible and NIR regions, 1.0 mol% glass (N10) shows
six evidently resolved absorption bands at 1265 nm (Oh1), 1029 nm (Td1), 781 nm (Oh2),
623 nm (Td2), 495 nm (Oh3), and 421 nm (Oh4) [28,29]. When the concentration of nickel in-
creases, the intensity of octahedral bands is increased while tetrahedral bands are observed
to decrease.

We calculated optical band gaps (Eo) of samples from cutoff wavelengths by using
the relation

(α�ω)2 = C(�ω − Eo) (1)

where α is the absorption coefficient (cm−1), èω is photon energy of incident radiation
(eV), Eo is the optical band gap energy (eV), and C is the band tailing parameter.

Figure 4 indicates that the Tauc plots and inset give optical band gap variation with
concentration. Using the linear portion as a reference, Eo values are determined as shown
in Table 3; the maximum Eo value is observed for the N2 glass sample.
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Figure 3. Optical absorption spectra of PbO-GeO2 glasses doped with nickel oxide.

Table 3. Summary of the data related to optical absorption spectra of the PbO–GeO2: NiO glasses.

Band Position
(nm)

N2 N4 N6 N8 N10

Ni2+ band positions,
octahedral transitions (nm)

3A2(F) → 3T2(F)
1254 1258 1262 1265 1269

3A2(F) → 3T1(F) 769 771 774 781 784
3T2(F) → 1T2(D) 482 484 490 495 497
3A2(F) → 3T1(P) 403 408 415 421 425

Ni2+ band positions,
tetrahedral transitions (nm)

3A2(F) → 3A2(F)
1040 1038 1034 1029 1024

3A2(F) → 3T1(F) 635 631 628 623 620
Optical

band gap Eo (eV) 2.58 2.51 2.36 2.32 2.27
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Figure 4. Tauc plots of PbO–GeO2: NiO glasses. The inset represents the variation of the optical band
gap with the concentration of NiO.

The FTIR spectra have been depicted in Figure 5. These spectra exhibit two crucial
bands that correspond to the tetrahedral and octahedral vibrations of GeO2 at 1075 and
780 cm−1, respectively. Because of GeO6 and GeO4 units, asymmetrical stretching vibra-
tions regarding these bands are located [18]. One more band is observed due to bonding
between two tetrahedral groups at 642 cm−1 [19,30]. The PbO4 tetrahedral units are located
at about 448 cm−1 [18]. Intensity of GeO6 and Ge–O–Ge of GeO2 bands decreased and
shifted gradually towards higher frequencies; similarly, GeO4 and PbO4 bands shifted
towards lower frequencies with increased intensity with the introduction of nickel oxide
into the glass network. The FTIR bands are shown in Table 4.

The Raman spectra of PbO–GeO2: NiO are shown in Figure 6. These spectra contained
symmetric Ge–O–Ge bands due to Q4 units of GeO4 in between the 420 and 450 cm−1

region [31], a vibrational band of Q3 units of GeO4 in the region 520–540 cm−1, a vibrational
band of GeO6 blocks at 620 cm−1 [32], and two weak bands due to Q2 and Q1 blocks of
GeO4 at 900 and 960 cm−1, respectively. PbO4 exhibited blocks at 280 cm−1. A high intense
vibrational band of localized Ge–O− stretching of the meta-germanate blocks at around
750 cm−1 and no bands are exhibited by NiO units. The information regarding the band
positions of Raman spectra can be found in Table 5.
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Figure 5. FTIR spectra of PbO–GeO2 glasses doped with nickel oxide.

Table 4. Summary of the band positions (cm−1) of various structural units in FT-IR spectra of
PbO–GeO2: NiO glasses.

Glass GeO4 Units GeO6 Units
Ge–O–Ge Bending

Vibrations
PbO4 Units

N0 1088 783 622 445
N2 1085 785 625 442
N4 1080 787 627 439
N6 1077 791 631 437
N8 1075 792 633 436
N10 1072 794 634 435

Photoluminescence spectra of PbO–GeO2: NiO glasses are shown in Figure 7. Pho-
toluminescence spectra of nickel oxide were recorded at 300 k with λexc = 800 nm. In the
wavelength region 1200–1500 nm, the spectra exhibited a wider emission for all the samples
due to the 3T2 (3F) → 3A2(3F) transition of Ni2+ ions. The intensities and line widths of the
band increase with nickel oxide concentration as shown in Table 6, while the peaks shift
toward higher wavelengths.
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Figure 6. Raman spectra of PbO–GeO2 glasses doped with nickel oxide.

Table 5. Summary of the data on band positions (cm−1) of Raman Spectra of PbO–GeO2: NiO glasses.

Glass PbO4
GeO4 (Q4)

Units
Geo4 (Q3)

Units
GeO6

Units
GeO−
Units

GeO4 (Q2)
Units

GeO4 (Q1)
Units

N0 282 433 524 621 750 901 959
N2 284 436 529 620 750 901 959
N4 286 440 530 619 750 901 959
N6 292 443 532 618 750 901 959
N8 294 446 534 618 750 901 959
N10 301 448 537 618 750 901 959

Table 6. Summary of data on photoluminescence of PbO–GeO2: NiO glasses.

Sample
Emission Peak
Position (nm)

Refractive Index σp
E (1033, cm2)

N2 1303 1.542 0.932
N4 1306 1.545 0.934
N6 1309 1.549 0.939
N8 1313 1.552 0.943
N10 1316 1.556 0.945
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Figure 7. Photoluminescence of PbO–GeO2 glasses doped with nickel oxide recorded at room
temperature (λexc = 800 nm).

The variation of ε′ verses temperature graphs of the glasses is shown in Figure 8.
At higher temperature and lower frequencies, slight increases in the dielectric constant
were observed and it increases abruptly with temperature. It should be high for glass
N10. Figure 9 shows the temperature versus tan δ graphs of glass samples at different
frequencies. The curves have shown a maximum value of tan δ for the glass N10. The σac
values are obtained by changing temperature using the following equation:

σac = ωε1ε0 tan δ (2)

where σac is ac electrical conductivity (S/m), ω is angular frequency (s−1), and ε1 is the
dielectric constant.

Figure 10 represents the plots of ac conductivity, σac, with 1/T and is drawn at 100 kHz
for all the glasses. The inset of Figure 10 explains the variation of activation energy with
changes in electrical conductivity σac. N10 has shown the lowest value of activation energy
as presented in Table 7.

Table 7. Data on dielectric parameters of PbO-GeO2: NiO glasses.

Glass A.E for Conduction (eV) σac (10−7) (Ω cm)−1

N0 0.43 0.56
N2 0.39 0.77
N4 0.36 1.08
N6 0.33 1.59
N8 0.29 2.54
N10 0.25 4.22
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Figure 8. The dispersion of the dielectric constant, ε′, vs. temperature at 100 kHz for the glasses
PbO-GeO2 doped with different concentrations of nickel oxide.

Figure 9. The variation of dielectric loss with temperature at 10 kHz frequency for the glasses
PbO-GeO2 doped with different concentrations of NiO.
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Figure 10. The variation of ac conductivity with 1/T at 100 kHz of PbO–GeO2 glasses doped with
nickel oxide. The inset represents the variation of ac conductivity regarding the activation energy.

It is verified that the σac increased as activation energy (A.E) decreased, following the
Arrhenius equation.

σac = σ0e − Ea/KT (3)

where σac is ac electrical conductivity (S/m) and σ0 is conductivity at zero Kelvin.
Ea is activation energy (eV), T is temperature, and K is the Boltzmann constant.
The variation of the 4πNμ2/27 K value with nickel oxide concentration is shown in

Figure 11.
εs − ε∞

(εs + 2)(ε∞ + 2)
T =

4ΠNμ2

27K
(4)

where εs is the low-frequency dielectric constant, ε∞ is the high-frequency dielectric con-
stant, Nμ2 is the strength of dipoles (C2m−1), and K is the Boltzmann constant.

Figure 11. Dependence of 4πNμ2/27 K on concentration of nickel oxide.
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Nμ2 is the strength of dipoles. For various concentrations of nickel oxide, the values
of εs and ε∞ subsisting in the above equation and 4πNμ2/27 K are calculated at 393 K. The
curve has shown a rising trend with nickel oxide concentration.

3. Discussion

In the PbO–GeO2 glass system, the presence of GeO2 in conjunction with GeO4
tetrahedra within the network of the glass can lead to the conversion of a few tetrahedral
units into GeO6. There is typically one GeO6 octahedron separated by one GeO4 tetrahedron
that shares one oxygen corner. Studies on GeO2 glasses have revealed interactions between
the GeO5 structural units and germanium ions, where four bonds are of shorter length
(ranging from 1.76 to 1.85 Å) and one bond has a longer interatomic distance of 1.92 Å.

The stretching of GeO4 tetrahedra of a Ge–O bond is induced by the modifier PbO.
As a result, the presence of Pb ions leads to the formation of three-membered rings in the
vicinity of GeO4 tetrahedra. The results revealed that Ge ions also participated in the glass
structure with germanium dioxide network units. In addition, the infrared spectra have
shown that there are bonds between GeO4 and PbO4, PbO2, PbO5, and PbO6 structural
units [33]. Lead oxide is a glass modifier; it forms Ge–O–Ge linkages by entering into the
glass structure along with NBOs and dangling bonds. When lead ions form four covalent
bonds with oxygen atoms, they can form structural units called [PbO4] and [PbO2]. [PbO5]
and [PbO6] are produced by the lead ions and form Ge–O–Pb linkages whereas the Ni2+

acts as a network modifier. Transition metal ions, including Ni2+, are known to influence
the structural, optical, and electrical properties of glasses significantly. Ni2+ can act as a
network modifier by occupying interstitial sites and creating non-bridging oxygens (NBOs),
thus altering the glass matrix’s connectivity and properties. In our study, Ni2+ ions are
introduced into the PbO–GeO2 glass network, primarily occupying octahedral sites. The
observed spectroscopic features and the dielectric properties of the glasses support this
conclusion. Our findings are consistent with previous research that highlighted similar
roles for transition metal ions in glass systems [34].

Usually, the density of glass samples depends on glass structure, size of grains, coordi-
nation number of glass-forming ions, size of interstitial spaces, etc. The density of samples
is increased with the content of NiO, indicating its higher compactness for the N10 sample.

The absence of sharp Bragg peaks indicates that the samples are in short-ranged
structured materials (amorphous in nature). The glass-forming ability (Tc − Tg) decreased
as the content of nickel oxide increased. So, it is proved that the lowest nickel oxide content
is preferred for suitable glasses. It is inferred that glass samples with lower values will
have less thermal stability. The decrease in interatomic distance, cross-linking, and closely
packed structure are the reasons for such a behavior. Further, it is justified that the Ni2+

ions mostly acted as a modifier in (Oh) configuration as the NiO content is increased.
According to Tanabe–Sugano notation, the transitions of the d8 ion of nickel are

mentioned below: 3A2(F) → 3T2 (F) (Oh1), 3T1 (F) (Oh2), 1T2 (D) (Oh3). The 3A2(F) → 1T2
(D) corresponds to a spin forbidden band at 570 nm while the band at 530 nm is due to 3A2
(F) → 3T1 (P) tetrahedral transition [35]. The increasing intensity in the octahedral bands
with an increase in the mol% of NiO proved the presence of octahedrally bonded Ni2+ ions
in a large number rather than the tetrahedrally bonded Ni2+ ions.

The optical band gap decreases as nickel oxide concentration increases. With an
increase in doping levels, Ni2+ ion donor centers in a large number are produced. So, the
excited states of local electrons superpose with the unfilled 3d states of nearby Ni2+ sites.
This causes the nickel oxide band to extend into the main band gap to a greater extent.
From N2 to N10, the band gap has fallen due to the shift of cutoff wavelengths to a higher
wavelength side.

The GeO6 band intensity is increased with an increasing concentration of nickel oxide.
This indicates that nickel ions are located in the glass structure in an octahedral fashion. In
addition to the wavelength shift of the octahedral bands, nickel oxide doping also increases
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the wavelength shift. This shift in the band position indicated higher bond length of the
Ni–O bond.

The IR spectra indicate the presence of symmetrical and anti-symmetrical bands
corresponding to germanate structural units. The nickel oxide concentration is inversely
proportional to the intensity of symmetric (GeO6) units. Due to Ge–O–Ge symmetric
vibrations, the intensity of bands decreases and anti-symmetrical bands due to (GeO4) have
increased as shown in Table 4. These results suggested decreasing entropy in the glass
network with a hike in nickel oxide content.

It has been observed that Ge-O–Ge bonds of Q2 and Q1 units of GeO4 show weak
asymmetric stretching at about 900 and 960 cm−1 in Raman spectra. It was observed that
the meta-germanate Ge–O− unit stretching modes showed a strong vibrational band at
around 750 cm−1.

In the region 430 and 520 cm−1, GeO4 exhibits symmetric Ge–O–Ge bands due to the
Q4 unit and a vibrational band of the Q3 unit. Additionally, a vibrational band of GeO6
and PbO4 blocks are observed at 620 and 280 cm−1. No bands are exhibited by nickel
oxide. The intensity of asymmetric stretching vibrations of GeO6 units is increased at the
expense of symmetric stretching vibrations regarding GeO4 units in the Raman spectra.
The concentration of nickel oxide increases and evidently suggested disorder in the glass
network decreases.

In general, octahedral nickel ions produce photoluminescence, and tetrahedral nickel
ions have no photoluminescence. In the green, red, and near-infrared (NIR) wavelength
ranges, the octahedral Ni2+ ions produce luminescence bands [36]. For our samples,
λexc = 800 nm and the band ranges from 1200 to 1500 nm and the meta-center shifts towards
a higher wavelength with an increase in nickel oxide content. The Stokes shift increases
between higher and lower bands. The value of the emission cross-section σE

p has been
computed and tabulated. Increasing the content of nickel oxide, the value of σE

p is found to
increase gradually from N2 to N10, proving the increase in luminescence efficiency.

Electronic, ionic, dipolar, and interfacial polarizations are the different types of po-
larizations. These polarizations can influence the relative permittivity ε′ and interfacial
polarization is a response to the structure of glasses. The value of interfacial polarization
depends on the dielectric parameters (ε′, tan δ). These are found to slightly increase and
σac decreases with temperature for any frequency. The activation energy for conduction
decreased with the increase in nickel oxide content (Table 7), which proved the increase in
the value of interfacial polarization.

The progressive rise in modifying ion concentration generates wrong bonds in the
glass network. These defects cause rather easy movement of charges, thereby enhancing
interfacial polarization and hence increasing the values of dielectric parameters.

Figure 10 depicts the variation of ac conductivity with the content of nickel oxide; the
curves produced a maximum for pure glass and minimum for x = 1.0 mol%. The trend of
the curves justified the electronic conductivity and a fixed value of ionic conductivity due to
Pb2+ ions and Ni2+ ions. As the nickel oxide content increases, more Ni2+ ions are released
into the glass network. The hopping polarons, which participate in conduction, are grabbed
by Ni2+ ions in pairs. This combination of cation–polaron pairs diffuse as single neutral
units. Movement of these neutral units cannot result in electrical conductivity so the ac
conductivity decreases as the content of NiO is increased from 0.2 to 1.0 mol%. The ionic
conductivity of Pb2+ ions is constant in a high-temperature region. As a result of Austin and
Mott’s quantum mechanical tunneling model, the low-temperature part of conductivity
can be explained [37]. From the results of dielectric properties, it is suggested that the
significance of insulating nature is decreased with increasing content of nickel oxide.

4. Experimental Procedure

The following chemical formulas were used to synthesize the glasses for this study:

N0: 40PbO-60GeO2
N2: 40PbO-59.8GeO2: 0.2NiO
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N4: 40PbO-59.6GeO2: 0.4NiO
N6: 40PbO-59.4GeO2: 0.6NiO
N8: 40PbO-59.2GeO2: 0.8NiO
N10: 40PbO-59.0GeO2: 1.0NiO

High-purity chemicals of PbO, GeO2, and NiO (all are in mol%) are taken in powder
form in a suitable proportion and well grounded. In a controlled furnace, properly stirred
mixtures were melted at 1000–1100 degrees Celsius until bubble-free liquid was obtained
for about 1 h. As a result, the bubble-free melt was poured into rectangular brass molds
and instantly annealed at 350 ◦C for four hours in another furnace for avoiding air cracks
in the samples. At last, glass samples are obtained. The Philips expert system was used
to obtain the XRD patterns of glass specimens. The programmable VIBRA HT kit was
utilized to conduct density measurements, employing Archimedes’ law and O-xylene as the
buoyant liquid. The optically polished samples have dimensions of 1 cm × 1 cm × 0.1 cm.
A high-precision NIR spectrophotometer was used to obtain optical spectra. FTIR spectra
were obtained using a standard spectrophotometer by a powdered sample of KBr pellets.
The Raman spectra, photoluminescence spectra, and DSC traces are produced on standard
instruments. The glasses were silver-coated for measuring electrical parameters. The
coating was then exposed to a blower until it was dried. The electrical parameters were
taken on a prominent LCR meter. The precision in determining the ε′ is 1

103 and that of loss
is 1

104 .

5. Conclusions

40PbO–60GeO2: NiO glasses were prepared with different concentrations from 0.2
to 1.0 mol%. The XRD and DSC patterns indicated no crystalline phases. The IR and
Raman spectral analysis revealed that the entropy of the glass network decreased with
increasing content of nickel oxide. The investigation into the optical absorption, ESR, and
photoluminescence peaks has demonstrated a growing occurrence of Ni2+ ions within
tetrahedral sites. The values of susceptibility and magnetic moments of the glass samples
have indicated Ni2+ ion transformation from octahedral to tetrahedral sites. The electrical
parameters ε′ and tan δ have increased and σac increased whereas the activation energy has
decreased, which proved their decreasing insulating nature with an increasing concentra-
tion of nickel oxide. Our observations are in agreement with prior studies on similar glass
systems, where the introduction of transition metal oxides like NiO has been shown to
enhance ionic conductivity due to the creation of non-bridging oxygen ions, which facilitate
the movement of charge carriers. Therefore, an ionic conducting glass may be useful in
solid electrolytes based on the studied glass system.
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Abstract: Amorphous phase separation (APS) is ubiquitously found in a large number of glass
systems, because the glass can be regarded as solid with a heterogeneous structure at the nanoscale.
However, little attention has been paid to the big challenges in utilizing APS in searching novel
amorphous glass from above to below, which highlights the meticulous microstructure tunability of
glass. Correspondingly, we develop a novel SiO2-Al2O3-P2O5-Li2O-ZrO2 glass with APS (SAPLZ
APS) which has robust crystallization resistance via the APS engineering. A comparative study is
conducted to reveal the APS–crystallization property relationship. It can be found that the introduced
APS can substantially impede the precipitated crystal growth in the studied glass system. Considering
detailed glassy structure and microstructure, a diffusion barrier around each Li-rich droplet is created
by the presence of P5+ concentration surrounding the Li-rich region. Meanwhile, due to the increase
in Q4 at the expense of Q3, the polymerization degree in the Si-rich amorphous area can be enhanced,
further increasing its viscosity and raising the kinetic barrier of Si-related crystal growth. These
findings provide a new manner to develop new glass with superior anti-crystallization performance.

Keywords: glass; amorphous phase separation; glass ceramics; crystallization performance

1. Introduction

Glass ceramics, as an attractive and versatile material, are generated via controlled
crystallization to precipitate microcrystals/nanocrystals within a glass matrix [1,2]. The
properties of GCs are largely determined by the properties and composition of their crys-
talline phase. Lithium aluminum silicate (LAS) GCs have been widely studied because
of their low coefficient of thermal expansion and high mechanical strength and trans-
parency [3–6]. In this regard, the process of glass crystallization involves two distinct
stages: nucleation and crystal growth. Amorphous phase separation (APS) plays a signifi-
cant role in nucleation and has following influences on the subsequent crystal growth.

From the past until now, and even in the future, as the inherent character of glass
(perceived as a “super-cooled liquid”) changes, studies on APS have been and will be
crucial in the field of glass science [7–12]. In fact, since glass can be regarded as solid with
a heterogeneous structure at the nanoscale, APS is ubiquitously found in a large number
of glass systems (e.g., fluoroaluminosilicate glass, fluorosilicate glass, halidephosphate
glass, and chalcogenide glass). In terms of silicate glass, its APS should be caused by the
occurrence of competition between different cations for oxygen ions; whereas the bridging
oxygen ions are arranged around silicon ions in the form of silicon–oxygen tetrahedra, the
non-bridging oxygen ions are pulled by network modifiers or intermediate ions to satisfy
their respective structural arrangements [13]. When P2O5 is added to the glass, it tends to
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phase separate the glass and form enriched domains with distinct glassy components by
removing non-bridging, oxygen-forming lithium ions from the silicate network [14].

Prof. Zanotto measured the nucleation kinetics of the barium disilicate crystal phase
in BaO-SiO2 glass utilizing a quantitative optical microscope in the temperature range
of 673–807 ◦C in 1986 [15]. It was found that the nucleation rate of amorphous phase
separation glass is much lower than that of 33.1% mol% BaO glass, which is close to
the composition without phase separation. However, the effect of phase separation on
crystallization nucleation is substantial but indirect, due to changes in the composition of
the barium-rich phase that undergoes crystallization nucleation. Therefore, after 1 h of
heat treatment at low temperatures, the separation of amorphous phases can be ignored.
The higher the BaO content in the glass, the higher the nucleation rate of the crystals,
which is closer to the stoichiometric composition of disilicates. After heat treatment at
higher temperatures where phase separation occurs, the nucleation rate of crystals in
phase-separated glass tends to converge due to the very similar matrix composition in the
glass at a given temperature. Prof. Zanotto released a significant paper in 2020 [16], which
reviewed the most applicable results of a research project on the synchronous crystallization
kinetics analysis of APS, BaO-SiO2, and Li2O-SiO2 glass, and supplemented recent research
findings. The authors consider the following: First, the influence of the droplet interface can
be neglected, as they are two orders of magnitude smaller compared to the crystal/nucleus
surface energy. Second, the crystal nucleation kinetics of the phase-separating glasses
exhibit an initial increase and subsequently reach a constant value as the composition
of the liquid matrix attains the binodal boundary. Finally, the APS behavior drives the
composition of the glass matrix towards the stoichiometric composition of the barium
disilicate crystal phase, thereby enhancing the crystal nucleation rate, but it never reaches
the value of the stoichiometric composition of the barium disilicate crystal glass. These
comprehensive results clearly indicate that the primary function of APS is to transform the
composition of the glass matrix into a stoichiometric crystal phase composition, thereby
leading to enhanced crystal nucleation. These discoveries have solved a long-standing
mystery in glass science.

Prof. Zanotto demonstrated the ubiquity of this phenomenon, showing the possible
effect of APS. There are generally two significant impacts of APS: promoting nucleation and
forming self-organization [17]. The former shifts the composition of the separating glass
towards that of the stoichiometric crystal phase, where APS acts as a special catalyst for
nucleation [18]. The latter forms the diffusion barrier around each APS droplet, inhibiting
crystal growth tendency [19]. As such, when precursor glass is subjected to phase separation
treatment, a discernible reduction in the size of crystalline grains will be observed, which is
beneficial to controlling crystallization and obtaining nanometer-sized crystals in glass [20].
Great endeavors have been undertaken to reveal APS [21–23]. Despite their successes, little
attention has been paid to the big challenges in utilizing APS engineering in searching novel
amorphous glass from above to below, which highlights the meticulous microstructure
tunability of glass.

Herein, we develop a new amorphous glass with robust crystallization resistance, the
SiO2-Al2O3-P2O5-Li2O-ZrO2 glass with APS (abbreviated as SAPLZ APS), via in situ APS
of the glass matrix. A comprehensive study was conducted to unearth the APS type, glassy
structure, microstructure, and crystallization performance in the studied glass system. The
controlled APS progress leads to the highly ordered, Li-rich glassy particles (surrounded
by P5+) and Si-rich glassy components in the glass network, forming a diffusion barrier
around each Li-rich droplet and facilitating an enhanced polymerization degree in the
Si-rich amorphous area, thus achieving the ingenious control of glassy structure.

2. Experiment

2.1. Synthesis

The precursor glass (PG) with the nominal composition (in mol.%) of 75.34SiO2-
8.00Al2O3-1.00P2O5-15.67Li2O-2.0ZrO2 (abbreviated as SAPLZ glass) was prepared via
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the conventional melt-quenching route. A trace of P2O5 was used as a nucleation agent to
induce phase separation. The preparation process of the precursor glass was as follows.
First, we calculated the amount of each oxide required based on the chemical formula of
the target crystal. Secondly, we considered which raw materials to utilize to introduce the
required oxides. Finally, we calculated the required mass of raw material. This experiment
utilized high-quality analytical grade reagents such as SiO2 (≥99.98%), Al2O3 (≥99.8%),
NH4H2PO4 (≥99.0%), Li2CO3 (≥99.9%), and ZrO2 (≥99.8%) as raw materials. Weigh the
reagents with an electronic balance, placing a new weighing paper on the balance to protect
it, and perform a tare operation before each weighing. When weighing, it is advisable to
add reagents in small amounts and multiple times. Excess samples should not be placed
back into the original kit. The operation should be conducted in a stable environment.
The errors of the sample should be controlled below 2 mg. Then, transfer the sample to
an agate mortar for mixing and grinding for 15 min. During this process, it is necessary
to ensure that the sample is initially mixed evenly and the particle size of the reagents is
controlled within the same range. Afterwards, use a dry ball mill to stir the raw materials
for 1 h. When removing the sample, it is necessary to use dust-free paper to collect as
many residual reagents as possible from the machine. After mixing evenly, gradually
transfer the mixture to a Pt-Rh (90/10 wt%) crucible. During the transfer process, there
are two aspects to be aware of. First, do not shake or vibrate the crucible to avoid the raw
materials becoming too compact in the crucible. If the raw materials are too compact when
transferred to a high-temperature furnace, it may cause the raw materials to erupt and
potentially change the composition. Second, the raw materials should be added to the
crucible up to two-thirds of its volume, and if there are too many volatile components in
the raw materials, it is best not to exceed one-half of the volume. The melting process of the
sample was as follows: we melted the first batch of raw materials added to the crucible at
1500 ◦C for 10 min, and then removed the crucible and added the remaining raw materials.
We repeated the above operation until all the raw materials were added. After preliminary
melting at 1500 ◦C, we heated up to 1620 ◦C and melted for 1 h under an atmospheric
environment. The molten glass was then quickly poured onto a copper plate and rapidly
quenched. Another copper plate was used to quickly press the glass. If the glass naturally
fractured, the fragments were directly collected and transferred to the crucible. If the glass
remained intact, it was crushed, and the glass fragments and powder were completely
collected and transferred to the crucible. This step helped to ensure that the glass liquid
discharged bubbles and melted evenly. The glass was then placed in a high-temperature
furnace and melted at 1620 ◦C for 2 h under an atmospheric environment. At the end of
the operation, the glass melt was poured into a copper mold and pressed between two
copper plates. Subsequently, the obtained bulk glasses were cut into square coupons and
polished for the following heat treatment. In the first step, the glasses were subjected to
phase separation at 600 ◦C/620 ◦C/640 ◦C for different periods of time to produce the
APS. In the second step, the samples were further heat-treated at 750 ◦C, 775 ◦C, 800 ◦C
for 1, 2, or 4 h to research their crystallization ability. Meanwhile, the as-quenched glass
specimens were also heat-treated at 700 ◦C, 725 ◦C, 750 ◦C, 775 ◦C, 800 ◦C, and 825 ◦C
for 1 h as reference. The heat treatment procedure for the samples was as follows: the
muffle furnace was inspected to ensure it was clean and free of any other samples. The
samples were placed in a ceramic boat and positioned at the center of the muffle furnace to
ensure uniform heating. The heating program was set with a ramp rate of 10 ◦C/min. After
holding at the target temperature for a sufficient duration, the samples were allowed to
cool down to room temperature within the furnace. All heat treatments in this experiment
were conducted using the same equipment to avoid temperature variations from different
devices. Prior to the experiments, the muffle furnace temperature was set to 600 ◦C and
700 ◦C, and the actual temperatures were measured using a thermocouple. The results
showed that the actual temperatures were close to the set values, allowing us to rule out
any interference from the equipment with the experimental results.
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2.2. Characterization

Differential scanning calorimetry (DSC) data of the samples were collected using a
Simultaneous Thermal Analyzer (STA 449 F1, NETZSCH, Selb, Germany) in the tempera-
ture range of 40–900 ◦C with a heating rate of 10 ◦C/min under a constant flow of nitrogen
gas. The glass transition temperature Tg and crystallization temperature Tp were measured
from the DSC curves. The sample preparation for DSC was as follows: first, the sample
was cleaned with ultrasonic deionized water for 5 min, then dried for 20 min, and finally
ground into a powder with a particle size of 10–80 microns using an agate mortar. The
crucible used in the DSC curve test was a platinum crucible. The phases identified in the
samples were observed by X-ray diffraction (XRD, PANalytical X’Pert Pro, Almelo, The
Netherlands) using a Cu Kα radiation source at 40 kV and 40 mA and scanning from 5◦ to
80◦ at the scanning speed of 10◦/min. The samples for XRD testing were prepared using a
standardized method. First, the samples were crushed in a mold, then transferred to an
agate mortar and ground for ten minutes to ensure that the samples were dry and had a
particle size of 10–80 μm. Field emission SEM (Hitachi S-4800, 5 kV, Ibaraki, Japan) was
used to observe the crystal morphology and size after crystallization. The SEM sample
preparation process was as follows: The sample was placed in mold and crushed. Small
glass pieces with smooth and flat surfaces and appropriate dimensions were selected. The
fracture surface of the glass was etched with 2 vol% aqueous hydrofluoric acid (HF) for
30 s, cleaned by ultrasonication deionized water for 5 min, and then dried for 20 min (as
water on the surface of the sample would seriously affect the test results and the pictures
taken would have many stripes). Finally, the glass sputter coated with around 4 nm thick
platinum to avoid the charging effect during the SEM analysis. The heat-treated glass
samples were characterized using a JEM-1400Plus field emission transmission electron
microscope (TEM). Additionally, the corresponding selected area diffraction (SAED) was
performed to determine whether crystals had precipitated. The specimens for TEM and
SAED analysis were prepared by bombarding the sample with argon gas as accelerating
ions to sputter the surface atoms using a multifunctional beam ion dilution device (Gatan
PIPS 695, Pleasanton, CA, USA). The thickness of the specimen is 30–40 nm. 29Si and 31P
MAS NMR spectra were obtained using 4 mm probes on Bruker AVANCE spectrometers
operating at a frequency of 500 MHz. The sample preparation for NMR was the same as
that for XRD, and it was possible to directly use the samples prepared for XRD testing. Both
XRD and NMR are non-destructive tests, so they would not affect the experimental results.
29Si and 31P MAS NMR spectra were obtained using 4 mm probes on Bruker AVANCE
spectrometers operating at a frequency of 500 MHz. The 29Si MAS NMR experiments
utilized a rotation rate of 6.0 kHz with a resonance frequency of 99.4 MHz. The pulse
length for the 90◦ excitation was set to 6 μs, and a cyclic delay of 300 s was utilized. As
for 31P MAS NMR, a rotation rate of 12.0 kHz and a resonance frequency of 202.5 MHz
were applied. The 90◦ pulse length was set to 2.8 μs for quenched samples and 2.9 μs for
heat-treated samples. The cycle delay was adjusted to 80 s for quenched samples and 160 s
for heat-treated samples.

3. Results and Discussion

The samples were fabricated via a melt-quenching–thermal annealing route which is
easily scalable for mass industrial production. XRD analyses on samples with various heat
treatment times at 620 ◦C all show the amorphous hump coming from the glassy structure
(Figure 1a). Transmission electron microscopy (TEM) discloses that the spherical particles
of size of 5–9 nm are homogenously distributed among the glass matrix (Figure 1b). The
corresponding selected area electron diffraction (SAED) shows a halo ring (a characteristic of
an amorphous phase structure), verifying the occurrence of APS. The 31P magic angle spinning
nuclear magnetic resonance (MAS-NMR) spectroscopy reveals huge transformation of the
local environment surrounding P before/after being heat-treated at 620 ◦C and illustrates a
broad resonance peak which can be well deconvoluted into three sub-bands (originated from
Q1

2, Q1
1, and Q0 species, respectively) [24,25], as presented in Figures 1c and 2 and Table 1.
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Qn
m is the structural unit of [PO4] (n represents the number of P atoms connected to each

[PO4]; m represents the number of Al atoms attached to each [PO4], and m + n ≤ 4). With
the annealing time prolonged from 0.5 h to 4 h, Q0 and Q1

1 species with lots of non-bridging
oxygens gradually dominate, which gives evidence of the formation of relative isolated
[PO4]-composed groups surrounding Li-rich liquid–liquid immiscibility [26]. Differential
scanning calorimeter (DSC) analysis on PG indicates a relatively minor exothermic peak at
645 ◦C, followed by three distinct and prominent exothermic peaks observed at temperatures
of 704 ◦C, 750 ◦C, and 825 ◦C, respectively, while the exothermic peak at 645 ◦C should be
assigned to the APS, since it nearly disappears upon preheating at 620 ◦C (Figure 1d). Based
on more careful observations, with the periods of heat treatment time for APS prolonged, the
exothermic peaks (at 704 ◦C, 750 ◦C, and 825 ◦C) slightly shift toward a low temperature.
Meanwhile, due to the progressive changes in APS, the glass transition temperature (Tg)
increases, which indicates an elevated viscosity and improved glass-forming ability [27].
Combined with the amorphous hump from their X-ray diffraction (XRD) patterns (Figure 1a),
a conclusion can be drawn that the APS effect indeed exerts influences on the crystallization
kinetics in SAPLZ glass.

Figure 1. (a) XRD patterns of SAPLZ APS glass. (b) TEM image of SAPLZ APS glass; insets are
the corresponding FFT pattern. (c) Solid-state, single-pulse 31P MAS-NMR spectra of SAPLZ glass
before/after APS. (d) DSC curve of the SAPLZ glass before/after APS recorded at a heating rate of
10 K/min (Tg denotes the glass transition temperature).

To provide more insights into the local structural transformation in glass before/after
APS, 29Si MAS-NMR spectra are exhibited in Figure 3 and Table 2. Obviously, samples
exhibit the amorphous nature. Each spectrum can be fitted into three Gaussian peaks,
representing the contribution of Q2, Q3, and Q4 species (denoted as Qn, where n represents
the number of bridging oxygen atoms for each [SiO4]) [28,29]. As expected, Q2 remains
relatively stable, Q3 declines, and Q4 increases, which indicates the formation of Si-rich
glassy components as well as the enhancement of polymerization degree within the glass
network, and coincides with the results from the DSC curves (Figure 1d). Based on the
discussions above, the valuable insight about the connectivity in the glass structure can
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offer crucial information with respect to the type of APS (containing an Li-rich phase
surrounded by P5+ and a Si-rich phase).

Figure 2. Gaussian fitting of the 31P MAS-NMR spectra of (a) as-quenched PG, (b) 620 ◦C-0.5 h,
(c) 620 ◦C-1 h, and (d) 620 ◦C-4 h.

Table 1. The 31P chemical shifts δiso (±0.5 ppm) and relative area (±2%) extracted from MAS-
NMR spectra.

Sample As-Quenched PG 620 ◦C-0.5 h 620 ◦C-1 h 620 ◦C-4 h

Q0 δiso/ppm 9.14 9.93 10.01 10.42
Q1

1 δiso/ppm 0.86 2.13 2.62 3.26
Q1

2 δiso/ppm −10.22 −7.25 −6.6 −8.12
Q0 Relative area/% 0.34 2.23 5.53 23.59
Q1

1 Relative area/% 86.70 76.67 73.81 65.29
Q1

2 Relative area/% 12.96 21.09 20.66 11.13

The SEM observation on SAPLZ glass annealed at 620 ◦C and 750 ◦C for different times
show their microstructural evolution (Figure 4). It can be seen that the number and size of
the precipitated crystal particles show perceivable increases with the annealing duration
time at 750 ◦C prolonged (Figure 4a–c). Fortunately, the crystallinity deviates substantially
toward reduction with the APS-producing time increasing from 1 h to 4 h, confirming its
inhibitory effect on crystal growth (Figure 4d–i). Specifically, there is a substantial reduction
in the number of in situ precipitate crystals in 1 h pre-APS, and only a minimal amount of
crystals can be attained after preheating at 620 ◦C for 4 h. Crystal growth is substantially
impeded when the SAPLZ glass undergoes APS, whereby longer APS time leads to a
stronger inhibitory effect on crystallization, which provides the evidence for the discov-
ery of a novel amorphous glass with wonderful anti-crystallization performance via the
APS process.
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Figure 3. Gaussian fitting of the 29Si MAS-NMR spectra of (a) as-quenched PG, (b) 620 ◦C-0.5 h,
(c) 620 ◦C-1 h, and (d) 620 ◦C-4 h.

Table 2. The 29Si chemical shifts δiso (±0.5 ppm) and relative area (±2%) extracted from MAS
NMR spectra.

Sample As-Quenched PG 620 ◦C-0.5 h 620 ◦C-1 h 620 ◦C-4 h

Q(2) δiso/ppm −85.38 −80.90 −80.85 −82.37
Q(3) δiso/ppm −94.30 −91.86 −91.98 −91.00
Q(4) δiso/ppm −103.62 −102.60 −101.91 −101.74

Q(2) Relative area/% 3.04 3.01 2.96 3.17
Q(3) Relative area/% 38.71 28.95 22.28 19.45
Q(4) Relative area/% 58.25 68.04 74.76 77.38

To search the novel amorphous glass with strong crystallization resistance, the detailed
effect of APS on SAPLZ glass crystallization performances are surveyed. When the heat
treatment temperature increases to 725 ◦C, the phase transformation from amorphous to
crystalline (tetragonal SiO2) occurs (Figure 5a), at which point the crystallinity is 2.14%.
When the heat treatment temperature further increases from 775 ◦C to 825 ◦C, the signal
of tetragonal LiAlSi2O6 becomes gradually stronger for the samples, and the crystallinity
of the sample reaches 74.63%. Fortunately, after introducing the APS process, the adverse
crystallization process is effectively restrained (Figure 5b), for instance, at a crystallization
temperature of 750 ◦C and a phase separation temperature of 600 ◦C, the crystallinity
was 1.32%. At a phase separation temperature of 640 ◦C, the crystallinity increased to
10.07%. However, at a phase separation temperature of 620 ◦C, no crystal nucleation was
observed. The final APS temperature is optimized to 620 ◦C, based on the consideration
of its best crystallization resistance behavior. As illustrated in Figure 5c, the SAPLZ APS
glass exhibits superior anti-crystallization performance: the heat treatment time is ~4 h at
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750 ◦C to a reach crystallinity of ~45% (in comparison, the heat-treatment time is only ~1 h
for SAPLZ glass). When we thermally anneal the samples at 620 ◦C for different sintering
times and then heat-treat them at 750 ◦C for 1 h, the X-ray diffraction peaks intensity is
reduced with the increased APS time, and correspondingly, the crystallinity decreases
from 43.7% to 0 via calculating the crystallization fraction (Figure 5d and Table 3), which
demonstrates the well-suppressed crystal growth effect from APS for SAPLZ glass. Based
on the results above, it can be seen that a kind of novel amorphous material possessing
robust crystallization resistance, SAPLZ APS glass (620 ◦C-4 h), is successfully fabricated
via APS engineering.

Figure 4. SEM observation on the (a) 750 ◦C-1 h, (b) 750 ◦C-2 h, (c) 750 ◦C-4 h, (d) 620 ◦C-1 h-750 ◦C-1
h, (e) 620 ◦C-1 h-750 ◦C-2 h, (f) 620 ◦C-1 h-750 ◦C-4 h, (g) 620 ◦C-4 h-750 ◦C-1 h, (h) 620 ◦C-4 h-750 ◦C-2
h and (i) 620 ◦C-4 h-750 ◦C-4 h.

Table 3. The crystallization fraction of different SAPLZ glass after heat treatment at 620 ◦C for 0 h/0.5 h
/1 h/2 h/4 h and 750 ◦C for 1 h.

Sample Crystallinity (%)

620 ◦C-0 h and 750 ◦C-1 h 43.7
620 ◦C-0.5 h and 750 ◦C-1 h 22.1
620 ◦C-1 h and 750 ◦C-1 h 7.2
620 ◦C-2 h and 750 ◦C-1 h 1.3
620 ◦C-4 h and 750 ◦C-1 h 0

The possible mechanism for the inhibitory effect of APS on precipitated crystal in the
studied glass system is proposed, as illustrated in Figure 6. To be noted, the presence of
P5+ concentration surrounding the Li-rich region can be attributed to propensity of P5+ for
dissociation from the glassy network structure, which leads to the formation of isolated [PO4]
with an affinity for Li+ [12,19]. Subsequently, Li+ can effectively capture P5+ during APS, thus
forming a diffusion barrier around each Li-rich droplet to inhibit further Li-related crystal
growth. Meanwhile, the APS induces an increase in Q4 at the expense of Q3, which implies an
enhanced polymerization degree in the Si-related amorphous area and subsequently increases
its viscosity and raises the kinetic barrier of Si-related crystal growth.
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Figure 5. XRD patterns of SAPLZ glass heat-treated (a) from 700 ◦C to 825 ◦C for 1 h, (b) at
600 ◦C/620 ◦C/640 ◦C for 4 h and 750 ◦C/775 ◦C/800 ◦C for 1 h, (c) at 620 ◦C for 4 h and 750 ◦C for
1 h/2 h/4 h, and (d) at 620 ◦C for 0 h/0.5 h/1 h/2 h/4 h and 750 ◦C for 1 h.

Figure 6. Schematic illustration of possible mechanism for the inhibitory effect of APS on precipitated
crystal in the studied glass system.
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4. Conclusions

In summary, we have proposed a new SAPLZ APS glass with robust crystallization
resistance for the first time, which highlights the meticulous microstructure tunability
of glass. The structure analysis shows that the APS is attributed to the Li-rich phase
(surrounded by P5+) and Si-rich phase. Probing into the crystallization performance of
SAPLZ APS glass, anti-crystallization performance greatly improved upon introducing
APS engineering, which reveals the inhibitory effect of APS on crystal growth in the studied
glass system. Not only was a diffusion barrier around each Li-rich droplet formed, but the
polymerization degree was increased as well in the Si-related amorphous area. This study
demonstrates an effective application of APS engineering in developing new glass.

Author Contributions: M.D. contributed to conceptualization, experimental design and performance,
writing, and funding acquisition; M.W. contributed to resources and project administration; Y.R. con-
tributed to methodology and text editing; Y.X. contributed to funding acquisition, conceptualization,
and supervision; D.W. contributed to investigation and data curation; S.L. contributed to funding ac-
quisition, conceptualization, and supervision; P.L. contributed to supervision and conceptualization.
All authors have read and agreed to the published version of the manuscript.

Funding: This research was supported by the National Natural Science Foundation of China
(No.: U2241236, 52372014, 12304442), the Key R&D Project of Hubei Province (2022BAA025) and
Natural Science Foundation of Fujian Province (2022J05091).

Data Availability Statement: Data are contained within the article.

Conflicts of Interest: Mingzhong Wang was employed by the Yichang CSG Photovoltaic Glass Co.,
Ltd. The remaining authors declare that the research was conducted in the absence of any commercial
or financial relationships that could be construed as a potential conflict of interest. The Yichang CSG
Photovoltaic Glass Co., Ltd. company was not involved in the study design, collection, analysis,
interpretation of data, the writing of this article or the decision to submit it for publication.

References

1. Rawlings, R.; Wu, J.; Boccaccini, A. Glass-ceramics: Their production from wastes—A review. J. Mater. Sci. 2006, 41, 733–761.
[CrossRef]

2. Zhao, M.; Cao, J.; Wang, Z.; Li, G. Insight into the dual effect of Fe2O3 addition on the crystallization of CaO-MgO-Al2O3-SiO2
glass-ceramics. J. Non-Cryst. Solids 2019, 513, 144–151. [CrossRef]

3. Zheng, W.; Lin, M.; Cheng, J. Effect of phase separation on the crystallization and properties of lithium aluminosilicate glass-
ceramics. Glass Phys. Chem. 2013, 39, 142–149. [CrossRef]

4. Sakamoto, A.; Himei, Y.; Hashibe, Y. β-Spodumene glass-ceramic with anomalous low thermal expansion. Adv. Mater. Res. 2008,
39, 381–386. [CrossRef]

5. Laczka, M.; Laczka, K.; Cholewa-Kowalska, K.; Kounga, A.B.; Appert, C. Mechanical properties of a lithium disilicate strengthened
lithium aluminosilicate glass-ceramic. J. Am. Ceram. Soc. 2014, 97, 361–364. [CrossRef]

6. Xia, L.; Yang, Y.; Zhang, X.; Zhang, J.; Zhong, B.; Zhang, T.; Wang, H.; Wen, G. Crystal structure and wave-transparent properties
of lithium aluminum silicate glass-ceramics. Ceram. Int. 2018, 44, 14896–14900. [CrossRef]

7. Rafferty, A.; Hill, R.; Wood, D. Amorphous phase separation of ionomer glasses. J. Mater. Sci. 2000, 35, 3863–3869. [CrossRef]
8. Rafferty, A.; Hill, R.; Wood, D. An investigation into the amorphous phase separation characteristics of an ionomer glass series

and a sodium-boro-silicate glass system. J. Mater. Sci. 2003, 38, 2311–2319. [CrossRef]
9. Chen, Y.; Liu, S.; Zhou, Y.; Shang, P.; Shan, Z.; Zhang, J. Effect of Al2O3 content on amorphous phase-separation and self-limited

crystallization of phosphosilcate glasses. J. Non-Cryst. Solids 2022, 584, 121505. [CrossRef]
10. Zandonà, A.; Moustrous, M.; Genevois, C.; Véron, E.; Canizarès, A.; Allix, M. Glass-forming ability and ZrO2 saturation limits in

the magnesium aluminosilicate system. Ceram. Int. 2022, 48, 8433–8439. [CrossRef]
11. Lin, C.; Bocker, C.; Rüssel, C. Nanocrystallization in oxyfluoride glasses controlled by amorphous phase separation. Nano Lett.

2015, 15, 6764–6769. [CrossRef] [PubMed]
12. Liu, S.J.; Zhang, Y.F.; He, W.; Yue, Y.Z. Transparent phosphosilicate glasses containing crystals formed during cooling of melts. J.

Non-Cryst. Solids 2011, 357, 3897–3900. [CrossRef]
13. Kirkpatrick, R.J.; Brow, R.K. Nuclear magnetic resonance investigation of the structures of phosphate and phosphate-containing

glasses: A review. Solid State Nucl. Magn. Reson. 1995, 5, 9–21. [CrossRef] [PubMed]
14. Li, J.; Wang, M.; Lu, P. Nucleating role of P2O5 in nepheline-based transparent glass-ceramics. J. Am. Ceram. Soc. 2021, 104,

5614–5624. [CrossRef]

148



Inorganics 2024, 12, 149

15. Zanotto, E.D.; James, P.F.; Craievich, A.F. The effects of amorphous phase separation on crystal nucleation kinetics in BaO-SiO2
glasses. J. Mater. Sci. 1986, 21, 3050–3064. [CrossRef]

16. Zanotto, E.D. Effect of liquid phase separation on crystal nucleation in glass-formers. Case closed. Ceram. Int. 2020, 46,
24779–24791. [CrossRef]

17. CAHN, J.W. The Metastable Liquidus and Its Effect on the Crystallization of Glass. J. Am. Ceram. Soc. 1969, 52, 118–121. [CrossRef]
18. James, P.F. Glass ceramics: New compositions and uses. J. Non-Cryst. Solids 1995, 181, 1–15. [CrossRef]
19. Zhu, L.; Wang, M.; Xu, Y.; Zhang, X.; Lu, P. Dual effect of ZrO2 on phase separation and crystallization in Li2O-Al2O3-SiO2-P2O5

glasses. J. Am. Ceram. Soc. 2022, 105, 5698–5710. [CrossRef]
20. Nicoleau, E.; Schuller, S.; Angeli, F.; Charpentier, T.; Jollivet, P.; Le Gac, A.; Fournier, M.; Mesbah, A.; Vasconcelos, F. Phase

separation and crystallization effects on the structure and durability of molybdenum borosilicate glass. J. Non-Cryst. Solids 2015,
427, 120–133. [CrossRef]

21. James, P.F. Liquid-phase separation in glass-forming systems. J. Mater. Sci. 1975, 10, 1802–1825. [CrossRef]
22. Sycheva, G.A. Phase separation and crystallization in glasses of the lithium silicate system xLi2O · (100 − x)SiO2 (x = 23.4, 26.0,

33.5). Glass Phys. Chem. 2011, 37, 135–149. [CrossRef]
23. Bussey, J.M.; Weber, M.H.; Smith-Gray, N.J.; Sly, J.J.; McCloy, J.S. Examining phase separation and crystallization in glasses with

X-ray nano-computed tomography. J. Non-Cryst. Solids 2023, 600, 121987. [CrossRef]
24. Zhang, L.; Eckert, H. Short-and medium-range order in sodium aluminophosphate glasses: New insights from high-resolution

dipolar solid-state NMR spectroscopy. J. Phys. Chem. B 2006, 110, 8946–8958. [CrossRef] [PubMed]
25. Lang, D.P.; Alam, T.M.; Bencoe, D.N. Solid-state 31P/27Al and 31P/23Na TRAPDOR NMR investigations of the phosphorus

environments in sodium aluminophosphate glasses. Chem. Mater. 2001, 13, 420–428. [CrossRef]
26. Yu, X.; Wang, M.; Rao, Y.; Xu, Y.; Xia, M.; Zhang, X.; Lu, P. Unveiling the evolution of early phase separation induced by P2O5 for

controlling crystallization in lithium disilicate glass system. J. Eur. Ceram. Soc. 2023, 43, 5381–5389. [CrossRef]
27. Micoulaut, M. The slope equations: A universal relationship between local structure and glass transition temperature. Eur. Phys.

J. B—Condens. Matter Complex Syst. 1998, 1, 277–294. [CrossRef]
28. Bradtmüller, H.; Gaddam, A.; Eckert, H.; Zanotto, E.D. Structural rearrangements during sub-Tg relaxation and nucleation in

lithium disilicate glass revealed by a solid-state NMR and MD strategy. Acta Mater. 2022, 240, 118318. [CrossRef]
29. Iqbal, Y.; Lee, W.; Holland, D.; James, P. Metastable phase formation in the early stage crystallisation of lithium disilicate glass. J.

Non-Cryst. Solids 1998, 224, 1–16. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

149





MDPI AG
Grosspeteranlage 5

4052 Basel
Switzerland

Tel.: +41 61 683 77 34

Inorganics Editorial Office
E-mail: inorganics@mdpi.com

www.mdpi.com/journal/inorganics

Disclaimer/Publisher’s Note: The title and front matter of this reprint are at the discretion of the Guest

Editors. The publisher is not responsible for their content or any associated concerns. The statements,

opinions and data contained in all individual articles are solely those of the individual Editors and

contributors and not of MDPI. MDPI disclaims responsibility for any injury to people or property

resulting from any ideas, methods, instructions or products referred to in the content.





Academic Open 

Access Publishing

mdpi.com ISBN 978-3-7258-6823-0


