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Effect of Laser Parameters on Fracture Properties of
Laser-Repaired Cracks with Micro/NanoMaterial Addition:
Multiscale Analysis
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* Correspondence: jiangwei@dlut.edu.cn

Abstract: In laser crack repair processes, laser parameters have significant influence on repair quality.
Improper combination of laser process parameters may result in defects—such as porosity, ablation,
and coarse grain size—in remelted zones. A trans-scale computational model is established by
combining crystal plasticity finite elements and variable-node finite elements. The influence of
microstructure characteristics such as grain size and porosity of the repair layer on the cumulative
plastic slip (CPS) on the dominant slip system at the meso-scale and the J-integral at the macro-scale is
studied to explore the effect of laser process parameters on repair quality. The results show that when
the laser power is 1800 W and the heating time is 0.5 s, the grain size and porosity of the repaired
specimen are the smallest. The J-integral of the repaired specimen is more than 8% smaller than that
of the unrepaired specimen and about 3% smaller than that of the repaired specimen, with a laser
power of 2000 W and a heating time of 1 s. Pores increase the CPS of the crystal around the pores,
especially when a pore have sharp corners. Selecting appropriate laser process parameters can not
only refine grain size but also reduce the volume fraction of pores and thus reduce the J-integral and
eventually improve repair quality of repaired specimens. The study investigates the relationship of
process parameter–microstructure–repair quality in the laser repair process and provides a method
for studying the mechanical behavior of materials at macro and micro scales.

Keywords: laser process parameter; microstructure; fracture properties; crystal plasticity; cumulative
plastic slip

1. Introduction

As one of common failure modes in engineering structures, fractures widely exist
in aerospace, automobile, ship, and petroleum engineering. The presence of cracks not
only reduces the bearing capacity of materials, but may even cause catastrophic disasters,
resulting in huge losses of life and economy. Therefore, early-stage crack repair could
provide substantial savings for both resources and economy [1].

Laser repair is a feasible method of repairing cracks via metallurgical combination
of suitable materials and the workpiece to be repaired with high-energy laser beam [2].
Wang et al. [3] studied the microstructure and wear resistance of titanium alloy components
repaired with laser cladding and found that repair coatings show similar microhardness
and wear resistance compared with the substrate. Cha et al. [4] proposed a novel system
to repair aeroengine airfoil by pulsed laser ablation to remove surface cracks in damaged
zone. After repairing, an equivalent performance of high cycle fatigue strength and less
microstructural damage can be achieved compared to traditional mechanical material
removal methods.

The selection of laser process parameters is a key issue in laser repair of cracks. Laser
repair is a dynamic physical metallurgical process involving the interaction between laser,
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powder, and substrate. During the interaction between laser and materials, the temperature
and flow fields in the molten pool affect the convection, solidification process, composition
distribution, and microstructure, thus affecting the quality of the laser-repaired layer.
Therefore, it is of great significance to choose the appropriate laser process parameters to
improve repair quality. The existence of pores is one of the factors that are very sensitive to
laser process parameters in the repaired layer. When the packing density of added powders
is low, the gas between the powders may dissolve in the molten pool [5]. Under the action
of laser, the powder will melt and solidify rapidly, and the gas has no chance to escape
from the molten pool. Pores are thus formed in the repaired layer. When excessive input
energy is provided, gas bubbles will be generated due to vaporization of low-melting-point
ingredients within the alloy. If gas bubbles do not have enough time to rise and escape from
the molten pool, regular spherical pores will form. When the input energy is insufficient,
the metal powder cannot be melted completely, resulting in irregular pores [6]. Khairallah
et al. [7] revealed the formation mechanisms of pore defects in strong dynamic melt flow in
laser powder bed fusion by a powder-scale model. Han et al. [8] studied the influence the
porosity distribution and mechanical response in laser and metal inert gas hybrid welding
of 6082-T6 aluminum alloy. It is found that when the porosity is 3%, the fracture feature
of material changes from pure ductile to the mixed mode of ductile and brittle. Cracks
initiate on the weld surface when joints have no pores and initiate near pores when pores
exist in the joint. Pekok et al. [9] investigated the formation mechanisms and characteristics
of porosity in aluminum 2024 alloy through selective laser melting using high and low
energy densities and found that low energy density reduces grain size and increases the
microhardness of alloys.

The microstructure of the repair layer near the crack tip has undergone significant
changes after laser irradiation, which will inevitably affect the mechanical properties of the
material. The crystal plastic finite element (CPFE) method has outstanding advantages in
solving meso-scale mechanics problems, such as grain size effect, grain interaction, strain
gradient effect, crystal high-temperature deformation, texture evolution, recrystallization,
etc. [10–15]. The influence of microstructure on the fracture performance of the repaired
parts is studied using the CPFE method on the micro scale, which is helpful to improve the
laser repair quality. Wang et al. [16] investigated the coupling effects of columnar grains and
residual stress on the mechanical behavior of 316L stainless steel formed by selective laser
melting through CPFE methods. The simulation results can predict the experimental trends
well. Zhang et al. [17] investigated the high-cycle and very-high-cycle fatigue properties of
AlSi10Mg alloy prepared via selective laser melting using CFEM method and successfully
analyzed the effects of pores and inclusions on the fatigue performance of the material. In
the aspect of fracture mechanics, Kirane and Ghosh [18] studied the early crack initiation
by a CPFE model. It was found that the load shedding between grains is the main reason
for early crack initiation. He et al. [19] employed the CPFE method to predict the slip
line distribution as well as the crack initiation location and propagation direction, with
preference. The significant stress gradient at the crack tip highlights the crucial role of
the microstructure in the vicinity of the crack tip in determining the fracture resistance
of the repaired layer. By employing the CPFE method to investigate the influence of the
microstructure near the crack tip on the fracture properties of the repaired layer, we can
gain valuable insights into the laser repair mechanism of cracks.

Jiang et al. [20] studied the effect of laser process parameters on the repair effect of
CT specimens with cracks through experiments; while Li et al. [21,22] established a macro–
meso trans-scale model to study the macroscopic and microscopic mechanical behavior of
materials. On the basis of these studies, this article analyzes the influence of laser process
parameters on the microstructure of materials, with a focus on the influence of laser process
parameters on porosity in the cladding layer. Then, a macro–meso trans-scale model is
used to study the influence of microstructure such as grain size, pore distribution, and
pore shape on the macro- and micromechanical properties of repaired parts. The results
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offer a theoretical guidance for selecting appropriate process parameters for laser repair of
stainless steel materials with cracks.

2. Experiment and Models

2.1. Experiment and Materials

According to ASTM E647-24 standards [23], compact tension (CT) specimens of
304 stainless steel (304SS) with a thickness of 5 mm were processed as the substrate for
laser repair of cracks. The dimensions and photograph of the specimen are shown in
Figure 1. For a detailed description of the chemical composition of the specimen, refer to
Reference [24]. A notch measuring 2 mm in length and 0.2 mm in width was created to
simulate a crack using a wire electric discharge machining system. During the laser repair
process, the entire 2 mm notch was effectively repaired.

Figure 1. (a) The dimensions of CT specimen (unit: mm); (b) The photograph of CT specimen.

The micro/nano alloy powder utilized in the laser repair experiment is composed
of 3 wt.% nano WC, 1 wt.% nano Al2O3, 0.5 wt.% V and 304 stainless steel powder. The
particle sizes of 304SS powder, WC, Al2O3 and V powder are within the ranges of 30–50 μm,
40–50 nm, 30–50 nm, and 20–25 μm, respectively. All powder materials are provided by
Shanghai Xiangtian Nano Materials Co., Ltd., Shanghai, China.

The laser repair experiment was carried out by a CO2 laser. The mode of the laser is
multi-mode, and the light intensity is approximately circular and evenly distributed. The
light intensity outside the spot is null, and the heat flux density of circular laser spot is:

q(r) =
P

πR2 (1)

where q is the heat flux of internal heat source, r is the distance from the spot center; P
represents the laser power; and R is the spot diameter.

With a laser spot diameter D of 3 mm, a laser crack repair experiment with different
laser power P and laser heating time t are arranged as follows:

(1) Select laser heating time t as 1.0 s and laser power P as 1600 W, 1800 W, and
2000 W, respectively.

(2) Select laser power P as 1800 W and laser heating time t as 0.5 s, 1.0 s, and
2.0 s, respectively.

After repairing, the repair effect was studied by tensile test with the repaired CT
specimen. Real time variation of displacement field of specimen with the load was recorded
by a digital image correlation (DIC) system during the tensile test. Figure 2 shows the
experimental setup.
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Figure 2. CT test device.

After cutting, grinding, polishing and corrosion, metallographic specimens were
prepared. The microstructure of the specimen was analyzed using a scanning electron
microscope (SEM) Q45, which was produced by FEI Company, Hillsboro, OR, USA.

2.2. Trans-Scale Calculation Model

Figure 3a illustrates the macro–micro trans-scale model of the laser repaired specimen.
The model can be divided into four parts. Part “1” is established using conventional finite
elements with an average element size of 0.5 mm, representing the peripheral part of the
CT specimen used for applying loads and boundary conditions. The element type is a
four-node plane stress element. Part “2” is constructed using Voronoi tessellations and
crystal plasticity finite elements with an average element size of 0.98 μm, simulating the
stress concentration region at the crack tip. Part “3” represents the variable-node elements
used to connect the fine-scale elements and macro-scale elements. Part “4” is composed
of four-node plane stress elements with an average size of 1 μm. The addition of these
elements serves to enclose the model corresponding to “2” into a regular shape, thereby
facilitating the establishment of multi-scale models. Referring to the method proposed by
Aghababaei and Joshi [25], the model with pores in the repaired layer is established by
removing several elements. Figure 3b indicates a partially enlarged model at the repaired
layer, where white holes are used to represent the randomly distributed pores.

2

3

4

1

(a)

(b)
 

Figure 3. Trans-scale calculation model for CT specimen with pores. (a) Overall model, (b) schematic
diagram illustrating the process of incorporating pores into the model.
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To conform to the loading condition in the tensile test, one loading hole is fixed,
while the other loading hole is subjected to tensile load. The variable-node elements, i.e.,
the element indicated by “3”, is realized by a 13-node element through the UELMAT
subroutine in ABAQUS (v. 2017) [21]. The material model of the repaired zone is realized
by crystal plasticity theory through UMAT subroutine in ABAQUS [21]. The orientation
of the crystals is assumed to be random. The materials of other regions are exposed by
piecewise linear/power hardening materials [22]. The crystal slip hardening modulus
adopts the simple form proposed by Peirce et al. [26] and is expressed as:

hαα = h(γ) = h0sech2
∣∣∣∣ h0γ

τs − τ0

∣∣∣∣ (2)

hαβ = qh(γ)(α �= β) (3)

where hαβ is the slip hardening modulus, which is divided into self-hardening modulus
hαα and latent hardening modulus hαβ(α �= β); γ is the cumulative shear strain; h0 is
the initial hardening modulus; τs is the saturation stress; and τ0 is the initial yield stress.
For simplicity, the constant q is set to unity [27]. The initial hardening modulus h0, the
saturation stress τs and the initial yield stress τ0 of 304 stainless steel substrate with grain
of 25 μm are obtained through inversion of the tensile stress–strain curve [21], as shown in
Table 1.

Table 1. Crystal plasticity constant of 304 stainless steel substrate.

Initial Hardening Modulus h0 Saturation Stress τs Initial Yield Stress τ0

464.40 MPa 191.08 MPa 78.86 MPa

3. Results

3.1. Experimental Results

Figure 4 shows the microstructure of five specimens repaired by different laser power
and heating time, with the pores in the microstructure indicated by arrows [20]. The
laser process parameters used for these specimens and corresponding microstructure
characteristics are listed in Table 2. When laser power is small, e.g., 1600 W, the grains
are relatively fine, but a large number of pores appeared in the repaired layer, as shown
in Figure 4a. When laser power increases to 1800 W, the dendrite began to transform
to equiaxed grains, the overall microstructure is compact, and the number of pores in
the repaired layer decreased (see Figure 4b). When laser power is too high, e.g., 2000 W,
columnar dendrites appear in the repaired layer, the grain size and the number of pores
increases (see Figure 4c). The effect of heating time on the microstructure is visible in
Figure 4b,d,e. When the laser heating time is 0.5 s, as shown in Figure 4d, the grains
in the repaired layer are small and the number of pores is low. When the laser heating
time increases to 1.0 s, the grains in the repaired layer grow larger and the number of
pores increases (see Figure 4b). When the laser heating time further increases to 2.0 s,
the grain size and the number of pores in the repaired layer continue to increase (see
Figure 4e). The grain size and porosity of the repaired layer were calculated by ImageJ
software (v. 1.51j8) [28], as listed in Table 2.

Table 2. Grain size and porosity of specimens repaired with different laser process parameters.

Specimen A B C D E

P-D-T (W-mm-s) 1600-3-1 1800-3-1 2000-3-1 1800-3-0.5 1800-3-2
Grain size (μm) 7.42 7.93 9.33 5.27 8.65

Porosity (%) 1.50 0.50 1.76 0.44 0.63
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Figure 4. Microstructures at the repaired layer, with pores in the microstructure indicated by yellow
arrows [20].

3.2. Numerical Study on the Influence of Grain Size on Repair Quality

Phan et al. [29] applied crystal plasticity theory to study the effect of microstructure
on mechanical behavior, and concluded that grain size has no effect on initial hardening
modulus h0 and the saturation stress τs but only on critical resolved shear stress τ0.

Weng et al. [30] provided the relationship between critical resolved shear stress τ0 and
grain size a:

τ0 = τ∞
0 + k0a−1/2 (4)

where τ∞
0 is the initial critical resolved stress in a free single crystal and k0 is the

Hall–Petch constant.
From macro scale, the Hall–Petch relationship can represent the relationship between

material strength σHP and friction stress σ0, Hall–Petch coefficient k, and grain size a:

σHP = σ0 + ka−1/2 (5)

For 304 austenitic stainless steel, the friction stress σ0 and the Hall–Petch coefficient k
are 180 MPa and 7.589 MPa · mm0.5, respectively [31].

Thus, the critical resolved shear stress τ0 is inverted with the goal of minimizing the
error between the simulated yield stress σm and the calculated yield stress σHP by a CPFE
model of tensile specimens. The computed results are presented in Table 3.

Table 3. The calculated critical resolved shear stress τ0 of 304SS.

Grain Size (μm) 5 5.27 7.42 7.93 8.65 9.33 15 25

Yield stress σHP (MPa) 287.33 284.55 268.11 265.23 261.60 258.57 241.97 228.00
Critical resolved shear stress τ0 (MPa) 100.25 99.17 94.08 92.59 91.82 90.51 84.65 78.86

Yield stress σHP Critical resolved shear stress τ0 Figure 5 illustrates the J-integral of
the specimens with varying grain sizes at repaired zone under a 20 kN load, calculated
using the trans-scale calculation method. The grain distribution corresponding to some
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grain sizes is also shown in the figure. The figure clearly demonstrates that the J-integral
increases as the grain size increases. Specifically considering the influence of grain size,
specimens A, B, C, D, and E in Table 2 exhibit J-integral values that are 2.79%, 2.62%, 2.19%,
3.77%, and 2.38% lower, respectively, than those of specimens with a grain size of 25 μm
(matching the grain size of 304SS substrate). During the laser repair process, the high energy
density and rapid solidification rate prevent the grains in the repaired layer from growing
sufficiently, leading to smaller grains. The refinement of grains results in an increased
grain boundary area per unit volume. Grain boundaries serve as barriers to dislocation
movement from one grain to another, leading to initial hardening. Moreover, smaller grain
sizes correspond to a greater number of grain boundaries per unit volume and a reduced
number of dislocations per unit length that need to be accommodated. Thus, the fewer
opportunities there are for microcracks to nucleate and grow, the lower the internal stress
of the material. Therefore, fine-grained structure is beneficial to the improvement of crack
initiation resistance and the fracture properties of repaired parts.

 
Figure 5. Variation of J-integral of the specimens with different grain sizes at repaired zone.

3.3. Formatting of Mathematical Components

The individual CPS is an important parameter for describing crack propagation at the
mesoscale. When the CPS on a slip system reaches a critical value, the crack will propagate
along the slip system with the largest CPS [32]. The slip system with the largest CPS is
called the dominant slip system. The individual CPS is characterized by its definition,
which is:

γ(α) =
∫ t

0

∣∣∣ .
γ
(α)

∣∣∣dt (6)

where
.
γ
(α) is the slip rate on α slip system, t represents time.

Figure 6 shows the distribution of pores near the crack tip of Specimen B simulated
using a crystal plasticity model. The grain size and pore volume fraction of the repaired
layer in the model are 7.93 μm and 0.5%, respectively, and the element size is 0.98 μm.
Figure 6a shows the grains and pores near the crack tip; Figure 6b shows the positions of
pores and elements on Grain A at the crack tip. Elements 1–9 are located along the direction
of the crack front, and the position of their first integral point is indicated by a white “*”
in the figure. The orientation of Grain A is (75◦, 15◦, 15◦). The CPS on the dominant slip
system with and without pores in Grain A is shown in Figure 6c. It is found that the CPS
on dominant slip system with pores is greater than that without pores, and the closer to
the position of pores, the greater the difference between them. The results show that the
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material more easily reaches the crack growth criterion under external load when pores are
present—that is, the fracture properties decrease.

 

Figure 6. (a) The distribution of pores near the crack tip. (b) Grain A and element number. (c) CPS on
dominant slip system near the pore along the front direction of the crack.

Figure 7a shows the CPS on all slip systems of grain B shown in Figure 6, Figure 7b
shows the CPS on the dominant slip system of each element. The CPS data is extracted
from the integration points marked with red “*” in Figure 7a. It is obvious that when the
pore has sharp corners, the CPS is further increased, as shown in elements 1, 5, 6, and 10 in
Figure 7b. Additionally, when the edges of pore are flat, the CPS is relatively small, as
shown in elements 3 and 8 in Figure 7. Therefore, large pores or pores with sharp corners
should be avoided in the repaired layer.

  

Figure 7. (a) Contour of CPS on all slip systems of grain B. (b) CPS on dominant slip system of each
element near the large pore.
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Figure 8 shows the CPS on the dominant slip system near the crack tip when the
position of the pore changes. The CPS on the dominant slip system at the integration
point indicated by the red arrow in Figure 8a is used to investigate the changes in CPS.
It can be seen from Figure 8b that the CPS near the crack tip gradually increases with
decreasing distance from the porosity to the crack tip, and the magnitude of the increase is
also increasing. In other words, the closer the pores in the repaired layer are to the crack
tip, the better the crack repair quality.

  
Figure 8. (a) Schematic of pore position. (b) The CPS on the dominant slip system varies with the
position of pore.

3.4. Macro-Scale Analysis

Figure 9 illustrates the variation of J-integral with volume fractions of pores distributed
in the repair layer under a 20 kN load. The grain distribution corresponding to some grain
sizes is also shown in the figure. The calculations assume a pore radius of 0.98 μm. From the
figure, it can be observed that within the calculated range, the J-integral linearly increases
with the increase in the volume fraction of pores. When the volume fraction of pores in
the repaired layer is 0.26% and 1.3%, the J-integral of the specimens under 20 kN load is
increased by 0.2% and 1.1%, respectively, compared with those without pores. The linear
relationship between J-integral and volume fraction of pores in the range of study indicates
that the fracture properties of repaired parts will be significantly reduced in the presence
of pores.

Figure 9. Variation of J-integral with volume fraction of pores under a 20 kN load.
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Figure 10 shows the variation of J-integral with the pore size at the load of 20 kN with
the assumption that the volume fraction of pores is 1%. When the pore size is large, the
J-integral will be affected by the position of pores. The influence of pore size on J-integral is
studied by six calculations when the pores are randomly distributed. It can be observed
that J-integral increases with the increase of pore size. When pore size reaches 2.4 μm,
J-integral is greatly affected by pore position. On the basis of the random distribution of
pores, one of pores is fixed at 5.5 μm before the crack tip, and the calculated J-integral is
significantly greater than the average value of random distribution. Moreover, the larger
the pore size, the greater the effect on J-integral. Therefore, when there are large pores in
the repaired layer, especially near the crack tip, the fracture properties of repaired parts
will be reduced significantly.

Figure 10. Variation of J-integral with pore size under a 20 kN load.

4. Discussion of Calculation and Experimental Results

Figure 11 shows the J-integral calculated using trans-scale model and the J-integral of
different specimens under a load of 20 KN. The laser process parameters corresponding
to Specimens A, B, C, D, and E are shown in Figure 4 and Table 2. Specimen F has not
been repaired. The microstructure in the trans-scale model is also established based on
the microstructure of Specimens A, B, C, D, E, and F. It can be seen that the laser process
parameters of Specimen D are relatively suitable, the porosity is low, and the grain size is
small. Correspondingly, the J-integral is more than 8% smaller than Specimen F and about
3% smaller than Specimen C. The laser power of Specimens A and C is either too small or
too large, causing the porosity and grain size increase and the corresponding J-integral to
increase. The heating time of specimens B and E is longer, the energy input for the molten
pool is high, the porosity and grain size in the repaired layer increase, so the corresponding
J-integral increases. Selecting appropriate laser process parameters can not only refine
grain size but also reduce the volume fraction of pores in the repaired layer. Therefore, it is
very important to select appropriate laser process parameters to improve repair quality.

10
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Figure 11. J-integral of repaired specimens obtained from calculation and experiment under a load of
20 kN.

5. Conclusions

In this article, meso–macro-mechanical analysis has been performed to study the
influence of laser process parameters on the laser repair quality. The key findings can be
summarized as follows:

When the laser power is 1800 W and the heating time is 0.5 s, the porosity of the
repaired specimen is low, and the grain size is small. The corresponding J-integral is more
than 8% smaller than that of the unrepaired specimen and approximately 3% smaller than
that of the repaired specimen subjected to a laser power of 2000 W and a heating time of 1 s.
Both excessive and insufficient laser power, as well as prolonged heating time, can result
in increased porosity in the repair layer and a reduction in the fracture properties of the
repaired components.

The pores in the repair layer enhanced the CPS of the surrounding crystals, particularly
for pores with sharp corners, where the CPS exhibited a more pronounced increase. As the
distance from the hole to the crack tip decreases, the CPS near the crack tip gradually rises,
and the extent of this increase also becomes more significant.

The J-integral of the repaired specimen increases linearly with the pore volume fraction
in the repair layer. By selecting appropriate laser processing parameters, the grain size can
be refined and the pore volume fraction can be minimized, thereby reducing the J-integral
and ultimately improving the repair quality.

The current established model primarily focuses on the influence of microstructural
features, such as pores, on the fracture properties of repaired components. However, it
has not fully addressed the complex mechanisms associated with the heat-affected zone
(HAZ) during the laser repair process. As a critical area in this process, the microstructural
and performance changes within the HAZ can significantly impact the overall properties
of the repaired components. Therefore, including the HAZ into the research scope is
essential for enhancing the properties evaluation and optimization of repair parts, and it is
also a vital direction for future research. In addition, this study primarily focused on the
microstructural characteristics of pores; however, it is important to note that other types
of defects, such as microcracks, may also develop during laser repair processes. These
defects can significantly affect the fracture properties of the repaired components. Due to
limitations in experimental conditions and technical capabilities, it is currently not possible
to fully capture and quantify the characteristics of these defects and their specific effects on
material properties. Future research will concentrate on how laser processing parameters
and material composition can mitigate the formation of microcracks in the repair layer
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and will as analyze the influence of microcracks on the fracture properties of the repaired
components. By optimizing material composition and laser technology, the occurrence
of microcracks in the repair layer can be reduced or eliminated, thereby enhancing the
structural integrity and service life of the repaired parts.
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Abstract: A Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co was synthesized using the induction
melting process. This study examined the effect of cobalt (Co) on the microstructure, tensile properties,
compressive properties, Brinell hardness, and wear properties of SnSb11Cu6 using optical microscopy
(OM), scanning electron microscopy (SEM), energy-dispersive X-ray spectroscopy (EDS), X-ray
diffraction (XRD), a universal tensile testing machine, a Brinell hardness tester, and a wear testing
machine. The results indicate that the optimal quantity of Co can enhance the microstructure of the
Babbitt alloy and promote microstructure uniformity, with presence of Co3Sn2 in the matrix. With
the increase in Co content, the tensile and compressive strength of the Babbitt alloy first increased
and then decreased, and the Brinell hardness gradually increased with the increase in Co content.
The presence of trace Co has a minimal effect on the dry friction coefficient of the Babbitt alloy. When
the Co content exceeds 1.5 wt.%, the friction properties of the Babbitt alloy deteriorate significantly.
The optimized Babbitt alloy SnSb11Cu6-1.5Co was subsequently fabricated into wires, followed
by conducting cold metal transfer (CMT) surfacing experiments. The Co element can promote the
growth of interfacial compounds. The microstructure at the interface of the Babbitt alloy/steel is
dense, and there is element diffusion between it. The metallurgical bonding is good, and there are
serrated compounds relying on the diffusion layer to extend to the direction of the additive layer with
serrated compounds extending and growing from the diffusion layer to the additive layer. Overall,
Babbitt alloys such as SnSb11Cu6 exhibit improved comprehensive properties when containing
1.5 wt.% Co.

Keywords: Babbitt alloy; Co element; microstructure; interface morphology; strength; wear performance

1. Introduction

Babbitt alloys are extensively utilized in critical bearing components and steel bear-
ing linings, including turbine shafts in nuclear power plants, internal combustion engine
spindles, intermediate bearings, and connecting rod bearings [1,2]. This is attributed to
its excellent embedment, compliance and anti-seizure properties [3,4]. However, as ma-
chinery and equipment continue to exhibit high performance, their usage is progressively
extending to high-speed, heavy-load, high-pressure, and other applications [5–7]. This
trend unavoidably leads to a reduction in their service life, attributed to their limited
load-carrying capacity and inadequate heat resistance [8,9]. Therefore, the development of
high-performance Babbitt alloy materials is crucial.

Currently, cold metal transition (CMT) welding holds significant advantages in the
production of high-performance sliding bearings [10]. It fulfills the demand for high-
performance materials in modern industry. However, the processing difficulty of Babbitt
wire is limited by the influence of alloy composition and wire diameter. Among them,
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the processing difficulty of Babbitt alloy wire with a thin wire diameter containing high
antimony and copper components is greatly increased [11]. This seriously limits the
development of Babbitt additive manufacturing technology in the field of sliding bearings.

To improve the performance of the Babbitt alloy, researchers have carried out a lot of
research on the composition and preparation process of tin-based Babbitt alloys. Zhao [12]
conducted a study on the arc deposition process of a Sn Babbitt alloy with 0–2 wt.% of
zinc (Zn) on the surface of a steel substrate. The researchers observed that the addition
of Zn resulted in a significantly uniform distribution of hard phase SnSb and Cu6Sn5,
leading to improved hardness, strength, and bonding properties. Nikolay [13] proposed
the utilization of multiwalled carbon nanotubes as a modifier to suppress the growth of re-
inforcing particles and enhance the fatigue resistance of bainite coatings. This was achieved
by preparing composite particles of bainite powder and multiwalled carbon nanotubes
through planetary milling. Subsequently, these particles were deposited onto the substrate
surface using a plasma melting process, leading to an enhancement in frictional properties.
Ramadan [14] used stir casting to create a bimetallic bearing material by adding nano
alumina to a Babbitt alloy and casting it onto carbon steel. The study found that alumina
nanoparticles changed Cu6Sn5 shape, enhancing bond strength and wear resistance. It was
observed that a portion of silver (Ag) in Sn-based solid solution underwent solidification
within the solution, while another portion combined with the Sn atoms to generate Ag3Sn
phase, thereby contributing to precipitation strengthening [15].

The aforementioned study employs a range of methods to achieve doping modifi-
cation of a Babbitt alloy through the addition of metal elements or micro/nano compo-
nents. Previous research has demonstrated that the incorporation of cobalt (Co) into Sn
alloy can enhance the stability of the microstructure and the mechanical properties of
the alloy [16–18]. However, there is no existing report on the effect of trace Co on the
characteristics of Sn-based Babbitt alloy.

Based on the above research, SnSb11Cu6 alloys with different Co contents were pre-
pared by induction melting. Then, the modified Babbitt alloy welding wire was prepared.
The effects of Co addition on the microstructure, interface morphology, tensile strength,
compressive strength, Brinell hardness, and friction and wear properties of SnSb11Cu6
alloys were systematically studied in order to provide a reference for obtaining a Babbitt
alloy with excellent performance and promote the popularization and application of CMT
welding technology in the preparation of Babbitt alloy bearings.

At present, the practical application of making a Babbitt alloy into welding wire
in CMT (cold metal transfer) additive manufacturing technology is mainly reflected in
its use as a filling material for manufacturing or repairing worn or damaged bearing
components. Currently, ZSnSb8Cu4 is the main Babbitt alloy welding wire successfully
marketed for CMT additive manufacturing. ZSnSb11Cu6 and ZSnSb12Cu6Cd1, which
improve performance with doping elements such as Ni, Cd, and As, are gradually being
introduced into the market.

2. Materials and Methods

This experiment utilized Sn ingots, antimony (Sb) ingots, copper (Cu) particles, and Co
blocks, all of which had a purity of 99.9%. Babbitt alloys, SnSb11Cu6 with 0–2.0 wt.% Co,
were prepared by adjusting the content of cobalt element. The chemical composition is
presented in Table 1.

Table 1. Chemical compositions of Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co.

Alloy Sn Sb Cu Co

1 Bal. 11.11 5.96 0
2 Bal. 11.08 5.99 0.49
3 Bal. 11.14 6.07 1.07
4 Bal. 11.09 6.01 1.48
5 Bal. 11.12 5.98 2.03
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The smelting process involves induction heating and nitrogen protection at a tem-
perature of 550 ◦C for a duration of 60 min. Throughout the process of melting, dried
charcoal was utilized as the covering agent. Following the heat preservation process, the
temperature was lowered to 480 ◦C, at which point ammonium chloride and zinc chloride
were introduced to purify the molten substance. The high borosilicate glass rod was stirred
for 5 min, and the surface scum was removed by using a slag scoop. Subsequently, the
ingot was poured into the preheated tensile sample and the extrusion sample mold, and
the ingot structure was obtained by air cooling to room temperature. The tensile sample
mold is shown in Figure 1.

Figure 1. Casting mold of tensile strength sample.

The interface was cut between the ingot and the additive using wire cutting. Following
coarse grinding, fine grinding, and subsequent fine polishing, the specimen was subjected
to discoloration through corrosion using a 4% nitric acid alcohol solution. A Zeiss optical
microscope and Zeiss Evo10 scanning electron microscope equipped with Oxford Ultim 40
energy-dispersive X-ray spectroscopy (EDS) (ZEISS Group, Oberkochen, Germany) were
employed for macro and micro structure observation, and analysis of the micro components.
The intercepted ingot casting machine underwent processing to create standard tensile
samples and cylindrical compression samples. The tensile and compressive strength of the
specimens were tested by a universal testing machine (MTS Systems Corporation, Eden
Prairie, MN, USA) according to the national standards GB/T 228.1-2010 [19] and GB/T
16748-1997 [20]. The displacement rate of the beam during the experiment was 2 mm/min.
The Brinell hardness of the material was assessed in accordance with the national standard
GB/T 231.1-2009 [21] for metallic materials. The Brinell hardness test (Laizhou Huayin
Test Instrument Co., Ltd., Laizhou, China) was conducted as follows: Part 1: Test methods.
The loading time was 60 s and the load was 2452 N. Each sample underwent hardness
testing five times, and the average values were calculated. The coefficient of friction was
determined using HT-1000 High Temperature Friction and Wear Test (Lanzhou Zhongke
Kaihua Technology Development Co., Ltd., Lanzhou, China). The experiment utilized
45 steel balls as the grinding material, with a load of 150 g, a loading time of 20 min, a
motor frequency of 100 rpm, and a friction radius of 2 mm.

The ingot underwent a series of processes including cutting, peeling, extrusion, stretch-
ing, and reduction to produce an alloy wire with a diameter of 1.60 mm. The arc deposition
process test was carried out on a Q235 steel plate with a size of 300 mm × 300 mm × 30 mm
by using a CMT welding machine (Austrian Fronius company, Wels, Austria) produced
by the Austrian Fronius company and Swiss ABB manipulator. Prior to the experiment,
the steel plate underwent pickling to eliminate oil and rust from its surface, and the arc
deposition process parameters are detailed in Table 2.

Table 2. Process parameters employed in CMT arc deposition of Sn-based Babbitt alloy.

Stacking
Number

Welding
Voltage/V

Welding
Current/A

Wire Feed
Rate/m·min−1

Welding
Speed/mm·min−1

1 18.2~18.4 110~120 6.1~6.6 600
2 11.9~12.0 60~70 6.7~7.6 480
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3. Experimental Results and Analysis

3.1. Microstructure Analysis

The properties of the alloy were determined by its microstructure. The microstructure
and phase composition of the Babbitt Babbittalloy SnSb11Cu6 with 0–2.0 wt.% Co were
analyzed. The optical microscopy (OM), scanning electron microscopy (SEM), and X-ray
diffraction (XRD) analysis results are depicted in Figures 2–4. The microstructure of the
Babbitt alloy, as depicted in Figure 2a, predominantly consists of the α-Sn solid solution
matrix, SnSb intermetallic compound phase composed of Sn and Sb, and dispersed needle-
like and star-like Cu6Sn5 within the soft matrix. The soft phase α-Sn solid solution, known
as the concave, exhibits favorable potential, compliance, and resistance to blockage. On the
other hand, the hard phases SnSb and Cu6Sn5 act as convex elements, creating a small gap
between the shaft and the bearing bush. This configuration facilitates the transportation of
lubricating medium and contributes to friction reduction.

Figure 2. OM microstructure of Babbitt alloy SnSb11Cu6 with different Co contents: (a) 0 wt.% Co;
(b) 0.5 wt.% Co; (c) 1.0 wt.% Co; (d) 1.5 wt.% Co; (e) 2.0 wt.% Co.
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Figure 3. BSE microstructure of Babbitt alloy SnSb11Cu6 with different Co contents: (a) 0 wt.% Co;
(b) 0.5 wt.% Co; (c) 1.0 wt.% Co; (d) 1.5 wt.% Co; (e) 2.0 wt.% Co.

Figure 4. XRD pattern of Babbitt alloy SnSb11Cu6 with different Co contents (0 wt.%, 1.0 wt.%, 2.0 wt.%).
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During the early solidification nucleation process, the Cu6Sn5 phase first solidified
and precipitated. Subsequently, as the crystallization core of the SnSb phase, it exists in the
liquid phase melt in the form of a skeleton to prevent the lighter square SnSb phase from
floating up. As depicted in Figure 2b–e, the addition of 0.5–2 wt.%. Co passivates the sharp
phase angle of SnSb in the microstructure, causing a gradual transformation from square
blocks to ellipsoids. Additionally, there is a tendency for these ellipsoids to connect with
each other, forming structures resembling flowers. Concurrently, there is a gradual decrease
in the content of the SnSb phase. Furthermore, the needle-shaped Cu6Sn5 undergoes a
transformation into small worm-like particles, which are then evenly distributed within
the α-Sn solid solution matrix. When the carbon content exceeds 1.5 wt.%. The size of the
fine worm-like Cu6Sn5 particles in the structure begins to coarsen, and the SnSb phase also
changes from the trend of mutual aggregation and connection into a star to a dispersed
distribution in the matrix, as depicted in Figure 2e.

The structure of the electron microscope was subjected to further analysis, as depicted
in Figure 3. The combination of the EDS results in Table 3 and the backscattered electron
imaging (BEI) results depicted in Figure 5 for the SnSb11Cu6-1.5Co alloy indicates a uni-
form distribution of the four elements within the alloy, with no discernible agglomeration.
Furthermore, the distribution of Co in the microstructure aligns with that of Cu. Addition-
ally, a portion of Sb undergoes a reaction with Sn to create a brittle SnSb phase, while the
remaining portion dissolves into the α-Sn based solid solution to enhance the matrix.

When the added amount of the Co element reaches 2.0 wt.%, a gray-black ellipsoidal
compound appears in the tissue, as shown in Figure 2 at point 11. Based on its elemental
composition and the Cu-Sn phase diagram, as well as the XRD pattern depicted in Figure 4,
the compound is identified as Co3Sn2. Owing to its high melting point of 1495 ◦C, Co is
expected to be the primary element to precipitate as the crystallization core during the
solidification process. At the identical solidification temperature, the non-spontaneous
nucleation substrate on which the post-precipitated atoms can attach is relatively increased.
This reduces the diffusion distance and nucleation resistance of the post-precipitated atoms,
which is conducive to a large number of nucleation in the dendrite region. Subsequently,
the Cu6Sn5 phase crystallizes from the melt in the form of a network. When the temperature
is further reduced, the square-shaped β phase (SnSb) begins to precipitate, and the network-
like pre-precipitated phase can inhibit the floating of the lighter β phase (SnSb). Then, the
tin-based α solid solution begins to solidify. Upon solidification, the alloy’s microstructure
becomes finer and more uniform, resulting in a significant refinement of the size of the
SnSb phase.

Table 3. Elemental composition of EDS at each point in Figure 3 (at.%).

Point Sn Sb Cu Co Possible Phase

1 57.5 42.5 - - SnSb
2 44.9 3.7 51.5 - Cu6Sn5
3 86.1 13.9 - - (Sn)
4 87.4 12.6 - - (Sn)
5 42.3 5.5 43.6 8.5 Cu6Sn5
6 56.6 43.4 - - SnSb
7 44.0 7.6 35.9 12.4 Cu6Sn5
8 39.4 8.0 36.8 15.7 Cu6Sn5
9 81.4 18.6 - - (Sn)

10 44.0 4.1 48.7 3.1 Cu6Sn5
11 35.0 11.3 22.9 30.8 Co3Sn2, Cu6Sn5
12 57.8 42.2 - - SnSb
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Figure 5. Elemental distribution in microstructure of SnSb11Cu6-1.5Co alloy using BEI and EDS:
(a) BEI; (b) Sn map; (c) Sb map (d); Cu map; (e) Co map; and (f) combined elemental composition map.

3.2. Analysis of Tensile and Compressive Strength

As a bearing liner, the Babbitt alloy must possess sufficient strength and hardness to
endure the substantial pressure exerted by the shaft diameter. The tensile strength and
compressive strength of the Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co were evaluated
using a universal tensile testing machine, and the results are presented in Figures 6 and 7.

Figure 6. Co content effect on tensile strength of Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co.
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Figure 7. Co content effect on compressive strength of Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co.

The addition of trace Co has been observed to result in a significant increase in the
tensile strength and compressive strength of the Babbitt alloy. When the Co content is
approximately 1.5 wt.%, the tensile and compressive strengths peak at 101.2 MPa and
141.9 MPa, respectively. These values are 16.8% and 11.6% higher than those of the Babbitt
alloy SnSb11Cu6 (86.8 MPa and 127.1 MPa). As the Co content increases to 2.0 wt.%,
there is a decrease in both the tensile strength and compressive strength. The observed
phenomenon can be attributed to the incorporation of an optimal quantity of Co. On
the one hand, part of the Sn-based solid solution has a solid solution strengthening effect.
Meanwhile, the remaining portion of Co regulates the Cu6Sn5 compound from a continuous
star to a point-like uniform distribution in the entire matrix. This, in turn, enhances the
uniformity of Cu6Sn5 distribution within the structure. When subjected to external load,
the strengthened solid solution and refined grains will increase the resistance of dislocation
movement, making it difficult to advance slip. Therefore, the strength of the alloy is
increased. After adding too much Co element, the size of the hard brittle phase Cu6Sn5
compound in the structure increases significantly. At the same time, multilateral Co3Sn2
compounds also appeared in the structure. This leads to an increase in the overall hardness
and brittleness of the structure.

When subjected to an external load, the less coarse grains in the unit volume, the less
the plastic deformation generated by the external load can be dispersed to each grain. As a
result, it is difficult to uniformly transfer the internal deformation of the metal, resulting
in local stress concentration. Then, the strength decreases and breaks first. Therefore, it is
essential to manage the quantity of Co in order to modulate the dimensions of Cu6Sn5 and
the concentration of Co3Sn2 in the structures.

3.3. Analysis of Brinell Hardness

The hardness of the Babbitt layer plays a crucial role in its resistance to deformation
during operation and has a direct impact on the friction and wear characteristics of the
workpiece. A Brinell hardness tester was utilized for assessing the hardness of the Babbitt
alloy, and the corresponding results are presented in Figure 8. The Brinell hardness of
SnSb11Cu6 alloy was determined to be 26.8 in the absence of Co. The hardness exhibited a
gradual increase with the increase in Co content. At a Co content of 2.0 wt.%, the hardness
reached 28.3, representing a 5.6% increase compared to that of SnSb11Cu6. The increase in
hardness is attributed to the synergistic effect of solid solution strengthening and dispersion
strengthening, as indicated by the analysis of the microstructure in Figure 2.
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Figure 8. Co content effect on Brinell hardness of Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co.

After the addition of the Co element, the SnSb phases in the structure have a tendency
to connect with each other to form a flower shape. With the rise in Co content, the hard
brittle phase Cu6Sn5 compound in the structure changes from a slender strip to an elliptical
worm-like shape, the size continues to increase, and the distribution gradually becomes
uniform. Furthermore, the emergence of the new Co3Sn2 phase within the microstructure
is expected to contribute to the enhanced hardness of the alloy. Generally, the proportion of
the hard phase in the alloy gradually increases following the addition of the Co element.
When subjected to an external load, the hard phase of the protrusion increases relatively, so
that the hardness gradually increases with the increase in Co content.

3.4. Analysis of Wear Properties

The friction coefficient between the modified Babbitt alloy and the stainless steel ball
was tested by a friction and wear tester. The results of the friction coefficient for dry friction
are depicted in Figure 9. It has been observed that under dry friction conditions, the four
friction coefficient curves show minimal variation when the Co content ranges from 0 wt.%
to 1.5 wt.%. The coefficients range between 0.37 and 0.40. When the Co content reaches
2.0 wt.%, the friction system stabilizes at approximately 0.4 within 0 min to 7 min. The
friction coefficient rises to approximately 0.56 and then reaches a stable state as the duration
of friction increases.

The wear resistance of tin-based Babbit alloys is closely related to the thickness and
distribution of hard phases in the microstructure [22]. During the wear process, the SnSb
phase and Cu6Sn5 phase, as hard particles, bulge upward to play a supporting role, while
the soft matrix α-Sn phase sags downward to play a latent role. When the SnSb phase and
Cu6Sn5 phase are present in small, uniformly distributed quantities within the eutectic
matrix, it is possible to achieve outstanding service performance. Combined with the
microstructure in Figure 2, it can be seen that the size of the square SnSb phase in the
microstructure decreases after the addition of 0–1.5 wt.% Co element, and the hard and
brittle Cu6Sn5 phase is fine and evenly distributed in the whole matrix. When the content
of the Co element reaches 2.0 wt.%, the size of the hard Cu6Sn5 phase in the microstructure
increases significantly and is densely distributed. This leads to a decrease in the content
of the soft phase in the matrix and reduces the plasticity of the material. Therefore, the
embedment and compliance of the material are reduced, which easily causes shedding
of the hard phase in the Babbitt alloy and worsens the wear. According to Archard’s
law, there is a direct proportionality between the wear resistance of a material and its
hardness. The greater the hardness of a material, the greater its resistance to deformation,
and consequently, its wear resistance is also increased [23]. During the friction process, the
embedding performance of the brittle hard particle phase is reduced, which increases the
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risk of falling off from the matrix and forming abrasive wear. Therefore, it is necessary to
control the size and distribution of the hard phase in the tissue.

Figure 9. Co content effect on friction coefficient of Babbitt alloy SnSb11Cu6 with 0–2.0 wt.% Co.

3.5. Analysis of Interface Morphology

The Babbitt alloy containing 1.5 wt.% of Co was fabricated into alloy wires with a
diameter of 1.6 mm. Subsequently, a CMT welding machine was utilized to perform overlay
welding on the steel plate, and the morphology and element distribution of the Babbitt
alloy/steel interface are shown in Figures 10 and 11.

It can be seen from Figure 10a,b that the two Babbitt/steel interfaces are continuous
and well formed. There are no macroscopic defects such as pores, slag inclusions, and
cracks. From the electron microscope morphology of the Babbitt alloy/steel interface
in Figure 10c, it can be seen that a relatively flat metallurgical bonding line is formed
between the Babbitt alloy and the steel matrix, and there is a serrated compound relying on
the interface growth at the Babbitt alloy/steel interface. Further EDS line scanning was
performed on the interface, and it was found that the element content from the steel side
interface to the additive layer showed a certain concentration gradient. The content of
iron decreased gradually, and the content of Sn, Sb and Cu increased gradually, as shown
in Figure 11a. Following the addition of 1.5 wt.% of Co, the thickness of the compound
layer at the Babbitt alloy/steel interface increased from 0.95 μm to 2.14 μm. The size of the
serrated compound is notably larger, as depicted in Figure 10d. When subjected to external
load, these serrated compounds can play a pinning role by inserting into the Babbitt alloy
matrix relying on the interface layer to improve the holding force at the interface [24].
The energy spectrum analysis of the interface is carried out, and the results are shown in
Figure 11b. It was found that from the steel side interface to the additive layer, the iron
element gradually decreased, the content of tin, antimony and copper gradually increased,
and the Co element had a convex peak at the interface. This indicates that the Co element
is enriched at the interface, indicating that the addition of Co element can promote the
growth of interfacial compounds.
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Figure 10. Microstructural interface of Q235 steel/SnSb11Cu6 and Q235 steel/SnSb11Cu6-1.5Co
Babbitt alloys: (a,b) OM; (c,d) SEM.

Figure 11. Elemental distribution analysis of Q235 steel/SnSb11Cu6 and Q235 steel/SnSb11Cu6-
1.5Co Babbitt alloys: (a) SnSb11Cu6; (b) SnSb11Cu6-1.5Co.

4. Discussion

In this study, the microstructure, tensile and compressive strength, hardness, and
wear properties of the Babbitt alloy SnSb11Cu6 with different contents of cobalt (Co) were
comprehensively analyzed. Then, the experimental results were further compared with the
findings of other researchers to verify the trends and phenomena in this study.

In terms of the microstructure, with the increase in Co content, the shape of the SnSb
phase gradually changes from square blocks to ellipses. And there is a trend of connecting
to form a flower-like structure. This observation is consistent with that of Wang [25] and
Liu [16] that adding trace amounts of Co to Sn-0.7Cu alloy can alter the morphology of the
phase, thus similarly, affecting the mechanical properties of the alloy. In addition, we found
that when the Co content exceeds 1.5 wt.%, the size of the Cu6Sn5 phase begins to coarsen.
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An analysis of the interface morphology revealed that the Babbitt alloy with 1.5 wt.% Co
added formed a thicker compound layer at the interface with the steel substrate, which is
consistent with the research results of Tang [26]. They pointed out that the addition of Co
can promote the growth of interfacial compounds, thereby improving the binding strength
of the interface.

The mechanical properties of the Co-modified Babbitt alloy were studied. When the
Co content was about 1.5 wt.%, the tensile and compressive strength of the Babbitt alloy
reached the peak. This finding is consistent with the research results of Zhang [27–29],
who found that the strength of the Babbitt alloy can be significantly improved by adding
an appropriate amount of Co. When the Co content increased to 2.0 wt.%, the strength
decreased. This may be due to the increase in the size of the hard and brittle Cu6Sn5
phase and the formation of a new Co3Sn2 phase. Excessive Co will lead to an increase in
brittleness of the alloy. In addition, with an increase in Co content, the hardness of the
Babbitt alloy gradually increases, which is consistent with the research of Fan [29], who
found that the addition of Co can improve the hardness of the alloy through the synergistic
effect of solution strengthening and dispersion strengthening. Our results further confirm
this. In particular, when the Co content is 2.0 wt.%, the increase in hardness is most
significant.

By analyzing the wear properties, we found that the friction coefficient increased
significantly when the Co content was 2.0 wt.%. This is because excessive Co will lead to
coarsening of the Cu6Sn5 phase, which will affect the wear resistance of the alloy. This
result is consistent with the research of Zhu and Hao [30,31]. They point out that an increase
in the hard phase size will lead to an increase in the friction coefficient. Our study further
shows that the size and distribution of the hard phase have an important effect on the wear
properties of the Babbitt alloy. This is consistent with Archard’s law [23]: the hardness of
the material is proportional to its wear resistance.

In summary, our research findings are consistent with those of other researchers,
further verifying the effect of Co addition on the microstructure and properties of Babbitt
alloys. This study provides a valuable reference for the optimization of Babbitt alloys.

5. Conclusions

(1) The Co element can significantly refine the microstructure of the Babbitt alloy, improve
the uniformity of the structure, and exist in the matrix as Co3Sn2 compound. As
the concentration of Co content increases, the sharp angle passivation of β-SnSb
phase transforms into ellipsoidal connection, and the content of SnSb phase decreases
gradually. The needle-like Cu6Sn5 phase is transformed into small worm-like particles,
which are dispersed in the matrix α solid solution. When the Co content exceeds
1.5 wt.%, the Cu6Sn5 phase is significantly coarsened. The presence of Co can enhance
the formation of interfacial compounds. The interface exhibits a compact structure
and strong metallurgical bonding. The serrated compound at the interface depends
on the diffusion layer to elongate and expand towards the Babbitt alloy layer.

(2) The tensile strength and compressive strength of Babbitt alloy exhibit a pattern of
initial increase followed by decrease as Co content increases. The maximum values
of 101.2 MPa and 141.9 MPa were attained at a Co content of 1.5 wt.%, representing
an increase of 16.8% and 11.6%, respectively, compared to Babbitt alloy SnSb11Cu6
(86.8 MPa). The Brinell hardness gradually increases with the increase in Co ele-
ment content. At a Co content of 2.0 wt.%, the alloy achieved its peak value (28.3),
representing a 5.6% increase compared to Babbitt alloy SnSb11Cu6.

(3) The trace addition of Co element has minimal impact on the dry friction coefficient of
Babbitt alloy. When Co content exceeds 1.5 wt.%, there is a significant deterioration in
friction performance.

(4) In general, the addition of 1.5 wt.% of Co results in Babbitt alloy SnSb11Cu6 exhibiting
favorable comprehensive properties.
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Abstract: In the current study, the integration of finite element simulation and machine
learning is used to find the optimal combination of processing parameters in the directed
energy deposition of SS316L. To achieve this, the FE simulation was validated against
previously implemented research, and a series of simulations were conducted. Three
inputs, namely laser power, scanning speed, and laser beam radius, and two outputs,
namely residual stress and displacement, were considered. To run the machine learning
model, artificial neural networks and a non-dominated sorting genetic algorithm were
applied to determine the optimal combination of processing parameters. In addition, the
current study underscores the novelty of combining FE simulation and machine learning
methods, which provides enhanced precision and efficiency in controlling residual stress
and displacement (geometrical deviation) in the Directed Energy Deposition (DED) process.
Then, the results obtained via machine learning were validated with confirmatory tests
and reported. The findings offer a practical solution for process parameter optimization,
contributing to the progression of additive manufacturing technologies.

Keywords: directed energy deposition; SS316L; finite element simulation; machine learning

1. Introduction

Directed Energy Deposition (DED) is an Additive Manufacturing (AM) method that
involves melting materials and depositing them layer by layer to produce, repair, or
enhance the mechanical and microstructural properties of parts [1]. In this advanced
manufacturing process, the molten material is fed in the form of powder or wire onto the
substrate to create a melt pool by using different energy sources such as laser, electron
beam or plasma arc. This method is highly beneficial, as it reduces material waste and can
work with a wide range of materials, including metals, composites and ceramics. DED is
widely used in various applications including the aerospace [2], medical [3], automotive [4],
and tooling industries [5], fabricating functionally graded structures [5], complex [6], and
customized parts, as well as its suitability for repairing damaged components [7].

Despite these advantages, such as high deposition rate, utilizing a wide range of
materials, and design flexibility, DED presents some challenges that restrict the fabrication
process and efficiency. The first drawback of this method is the poor surface quality [8] of
deposited parts which mostly requires post-processing such as machining and grinding.
This extra step enhances the time and cost associated with DED. Another challenge in this
process is thermal gradient [9], which creates residual stress that can lead to warping and if
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not properly controlled, affecting the dimensional accuracy and mechanical performance
of the fabricated part [10].

In addition, cracking, and other structural defects may occur due to the accumulation
of residual stress [11]. These defects can compromise the mechanical integrity of the final
product. Although this optimized fabrication method offers various advantages, DED
process optimization is a challenging issue that is affected by processing parameters such as
laser power, scanning speed, laser beam, and layer thickness. These parameters affect the
mechanical and microstructural properties and surface finish. The traditional trial-and-error
method for optimization is a time-consuming process and highlights the need for more
efficient and systematic approaches. Among various optimization approaches, Machine
Learning (ML) has recently been accentuated by industries and academics. Machine
learning offers advanced solutions to these challenges by enabling data-driven prediction
and optimization of processing parameters [12]. ML algorithms analyze large datasets to
find patterns and relationships that are not readily apparent through conventional analytical
methods. Regarding DED, ML can be employed to model the complex interactions between
processing parameters and resultant material properties, thereby facilitating the prediction
and control of the deposition process. Much research has been carried out in the field
of optimization of manufacturing processes, particularly the DED process. M. Moradi
et al. [13] investigated the Direct Laser Metal Deposition (DLMD) method for the additive
manufacturing of Inconel 718 Ni-based superalloy using a full factorial design approach.
They focused on how three process parameters, namely laser scanning speed, powder feed
rate and scanning strategy, affect the geometrical dimensions, microhardness, and stability
of the manufactured walls. They found that lower scanning speeds and higher powder feed
rates resulted in increased wall height and width. The microhardness elucidated variability
due to microstructural phases. The optimal combination was found to be at low scanning
speeds with a unidirectional scanning pattern, accounting for enhanced melting time and
smoother surfaces. P. Pant et al. [14] investigated the Laser Metal Deposition (LMD) process
for surface coating utilizing SS316L material. Artificial Neural Networks (ANNs) and a
combined Particle Swarm Optimization (PSO)-ANN model were used to predict the main
outputs such as clad layer height, width, and powder capture efficiency. Before running
optimization via (PSO)-ANN, Response Surface Methodology (RSM) was used to gather
data. These findings demonstrated that the PSO-ANN model offers superior reliability and
accuracy for predicting and optimizing LMD process parameters compared to traditional
empirical methods and simple ANN models. M. Pellizzari et al. [15] optimized the process
of depositing single-layer H13 tool steel cladding on a copper-beryllium (CuBe) alloy
substrate using direct laser metal deposition (DLMD), by considering laser power, powder
feed rate, overlap ratio, and substrate temperature. The quality of cladding was evaluated
by defects, interfacial adhesion, geometrical features and substrate over-ageing, and it
is worth noting that it was affected by CuBe’s high reflectivity. Optimal combination of
parameters fabricated dense cladding, with substrate preheating preventing cracks but
causing softening at higher temperatures: 13% hardness reduction at 150 ◦C and 40% at
250 ◦C. R. Mahamood et al. [16] explored the effect of processing parameters on material
usage efficiency in LMD of Ti6Al4V using a two-level full factorial design of experiments.
Laser power, scanning speed, powder flow rate and gas flow rate are the processing
parameters. The optimal combination of processing parameters is as follows: laser power
of 3.2 kW, a scanning speed of 0.06 m/s, a powder flow rate of 2 g/min, and a gas flow rate
of 3 L/min.

R. Li et al. [17] examined the deformation distribution and residual stress in the
fabrication of thin-walled Al-Cu alloy components using a dual-robot collaborative wire-arc
additive manufacturing (WAAM) ((FANUC M-20iA, Echternach, Luxembourg) paired with
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a welding unit (Fronius CMT Advanced 4000R, Wels, Austria)). To validate FE simulation,
infrared thermography and structured light sensors were used. Both systems showed
symmetric stress distributions, with stress concentrations achieved at the junction between
the substrate and the thin wall. In addition, the dual-robot WAAM system demonstrates
superior performance over the single-robot system, offering reduced temperature gradients,
more uniform stress distributions, and less deformation.

Chi Wu et al. [18] used an ML-based design for biomedical engineering ceramic with
additive manufacturing to optimize functionally graded tissue scaffolds with Triply Peri-
odic Minimal Surfaces (TPMSs) for bone regeneration. By combining Bayesian optimization
and Lithography-based Ceramic Manufacturing (LCM), the framework achieves improved
bone ingrowth and precise geometric qualities, offering a novel tool for practical design
optimization in ceramic AM. H. Mu et al. [19] investigated an adaptive online simulation
model for Wire Arc Additive Manufacturing (WAAM), addressing challenges in distortion
prediction for building a Digital Twin (DT). Utilizing Vector Quantized Variational Au-
toEncoder coupled with Generative Adversarial Network (VQVAE-GAN) architecture for
spatial feature extraction and an RNN for time-scale fusion, the model estimates distortion
fields online with high accuracy, significantly outperforming traditional FEM and ANN
methods. T. Loreau et al. [20] addressed the complexity of simulating porosity in Wire
Laser Metal Deposition (WLMD) due to the intricate interactions between the laser and
material and the varying scales of time and space involved, which significantly affect simu-
lation efficiency and performance. To tackle this challenge, they proposed utilizing neural
networks to model porosity as a function of processing parameters. Firstly, the relevant
parameters were found and analyzed for their effect on porosity. Once the correlations were
confirmed, these parameters were used as inputs for constructing and training a Multilayer
Perceptron (MLP) neural network with part of the available data. The model’s performance
was then evaluated using both the training dataset and a separate test dataset to assess
its predictive capabilities. In the current study, the prediction and optimization of DED
processing parameters are achieved using an ML approach and finite element simulation.
The primary objective of this study is to develop robust predictive models for the key
output variables of residual stress and geometrical deflection (nodal displacement) and to
optimize the process parameters to achieve the desired performance outcomes. Figure 1
shows the flow chart of the current study.

 

Figure 1. Flow chart of the current study.

2. Finite Element Simulation and Validation

To simulate the DED process, MSC APEX 2023 and Simufact software 2023 were
used. Firstly, the parts were designed in MSC Apex and then imported into the Simufact
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Welding Module, which applies temperature-dependent material properties that alter the
microstructural characteristics with each heating cycle. The cubic element size for the
substrate is 2.91 × 3 × 2.91 mm3 with a total substrate size of 100 × 100 × 6 mm3 and
the element size for layers is 0.6 × 1.2 × 0.715 mm. The current study defines a range for
the processing parameters, ensuring that the chosen values are representative operating
conditions. By using this range, we aim to explore and identify optimal combinations of
processing parameters. During the simulation, thermo-mechanical behavior was modeled
throughout the transient deposition process using a quasi-static element formulation.
The melt pool and Marangoni effect were modeled using a low-stiffness solid approach
and artificial thermal conductivity, respectively. Tables 1 and 2 show the chemical and
mechanical properties of SS316 [21–23]. Also, Figure 2 shows the Temperature-dependent
material properties of SS316L. The part was built by deposition of 20 layers with different
processing parameters, which are given in Table 3. The process parameters included in
Table 3 were selected based on a previous study used to validate the simulation

Table 1. Chemical composition of ss316 [24].

Grade C Mn Si P S Cr Mo Ni N

min - - - - - 16.0 2.00 10.0 -

max 0.03 2.0 0.75 0.045 0.03 18.0 3.00 14.0 0.10

Table 2. Mechanical properties of SS316 [10].

Parameter Value

Solidus temperature 1279 ◦C

Melting temperature 1450 ◦C

Density 7966 Kg/m3

Latent heat for melting 25,400 J/Kg

Poison ratio 0.3

Convective heat transfer for first and remaining layers 10, 30 (W/m2K)

Emissivity for first and remaining layers 0.6, 0.6

Elastic module 200 GPa

Ultimate Tensile Strength 580 MPa

Yield Strength 290 MPa

Specific heat 2051.531 J/kg. ◦C

Thermal conduction 0.225 W/cm. ◦C

Table 3. Process parameters.

Parameter Value

Laser power 400–800 W

Scanning speed 10–20 mm/s

Laser beam diameter 0.6–0.8 mm

Powder feed rate 7.5 g/min

Powder size 45–90 μm
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(a) 
(b) 

(c)  

Figure 2. (a) Temperature-dependent material properties of SS316L adapted from Simufact Welding
(Flow stress) [25], (b) Temperature-dependent material properties of SS316L adapted from Simufact
Welding (Young’s Modulus), (c) Temperature-dependent material properties of SS316L adapted from
Simufact Welding (thermal expansion) [25].

To validate the simulation, a 50 mm bead was deposited using the same process condi-
tions as previous research [26]. Since in the current study, residual stress and maximum
nodal displacement on the sample (deflection) were used, the FE simulation results for
those outputs are given in Figure 3.

 
(a) (b) 

Figure 3. FE simulation of current study (a) displacement and (b) residual stress.

3. Machine Learning Procedure

Machine Learning (ML) is a subset of Artificial Intelligence (AI) that focuses on de-
veloping algorithms and statistical models enabling computers to learn from and make
decisions based on data [27]. It has been accentuated as a powerful method in many
fields, such as banking [27], healthcare [28], image processing and identification [29,30] and
engineering [31,32]. Traditional programming requires developing the rules and instruc-
tions to handle the tasks specifically, but ML has no need for any explicit programming,
and computers recognize the patterns, make choices, and predict and optimize the data
automatically. ML consists of various methods and techniques for training algorithms to
learn from data and make predictions or decisions autonomously, as shown in Figure 4.
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Figure 4. Methods of machine learning.

4. Multi-Objective Optimization of Processing via ML

Multi-objective optimization has enormous practical importance. Almost all optimiza-
tion challenges that occur in realistic situations may be characterized as having several
different objectives. Usually, there is no single optimal solution in multi-objective op-
timization, also known as vector optimization, that simultaneously fulfills all objective
functions. Thus, a set of solutions known as Pareto optimal solutions emerges. Pareto
optimal solutions represent the best possible values for the objectives without favoring one
objective over another.

In Pareto-based multi-objective optimization, the population is arranged onto the
Pareto front, and the individuals are rated according to how superior they are. This process
can be defined as [33]:

F (X) = [ f1(X), f2(X), . . . , fk(X)]T (1)

represents the vector of objective functions, and X∗ ∈ �n is the vector of design variables.
Subject to m inequality constraints [34]:

Li (X) ≤ 0, i = 1 to m (2)

and p equality constraints [34]:

Hj (X) = 0, j = 1 to p (3)

When Solution A obtains a lower value (in the case of minimization) for at least
one target and does not perform worse than Solution B for the remaining objectives, it
outperforms Solution B. On the other hand, a point (Ω is a feasible region in �n satisfying
Equations (2) and (3)) dominated all X ∈ Ω if and only if [33]:

∀i ∈ {1, 2, . . . , k}, ∀X ∈ Ω − {X∗} fi (X∗) ≤ fi (X) ∧ ∃ j ∈ {1, 2, . . . , k} : f j (X∗) < f j (X). (4)
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According to Figure 5, non-dominated solutions are the ones that are much closer to
the optimal solution compared to feasible solutions. Moreover, individuals laid on the
“Pareto front” have no superiority over each other.

Figure 5. Pareto front in multi-objective optimization algorithms.

5. Artificial Neural Network (ANN)

ANN is commonly used as a model to address engineering challenges. Neural net-
works are composed of an array of neurons, which serve as simple processing units.
Typically, an ANN consists of input, output, and hidden layers, with the number of hidden
layers varying based on the process and structure of the network. In this setup, neurons
are interconnected to neurons in the next layers via direct connection links with assigned
weights. It is worth noting that the weight values are adjusted to learn and find the optimal
solution for each problem [35]. The number of neurons in both the input and output layers
corresponds to the number of physical variables and targets. However, in the hidden layer,
the number of neurons may vary based on the complexity of the problem. Determining
the optimal network requires assigning an appropriate number of neurons to each hidden
layer. In the literature, a feedforward neural network is a commonly applied model, with
the Back Propagation (BP) network being widely used in feedforward architectures. A
schematic view of ANN is shown in Figure 6.

 

Figure 6. A schematic view of a one-hidden-layer artificial neural network (ANN).
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6. Data-Driven Multi-Objective Optimization of Artificial
Neural Network

One of the most challenging issues is finding the best ANN with the lowest training
and testing errors. In this case, Yarmohammadi et al. [36,37] utilized multi-objective
optimization to determine the most optimal ANN with minimal training and testing
errors. The primary goal of this section is to construct a multilayer feedforward neural
network using the Back Propagation (BP) learning algorithm to predict optimal input
parameters while optimizing two conflicting objectives: training error and testing error.
The achievement is shown in Tables 4 and 5. In the input layer of ANNs, there are three
input parameters, namely laser power, laser beam radius, and scanning speed, of which
the range is given in Table 3. In the current study, the input parameters of ANN and
their variables are presented in Table 2. The output parameters include residual stress
and displacement, which are considered the first target and second target, respectively.
The layers between the input and output layers are known as hidden layers. Initially,
several attempts were made to find an optimal ANN configuration that minimized all
targets simultaneously; however, this approach resulted in high test and training errors. To
address this issue, a unique ANN was developed for each output, which helped reduce
both training and testing errors.

Table 4. Variables in multi-objective optimization of artificial neural network for the first target.

Back Propagation
Algorithm

Number of
Neurones in

1st Layer

Number of
Neurones in

2nd Layer

Transfer
Function in 1st
Hidden Layer

Transfer
Function in 2nd
Hidden Layer

Train Error
(%)

Test Error
(%)

A TrainLM 24 29 Tan-sig Log-sig 4.326 7.760
B TrainBR 20 10 Tan-sig Log-sig 4.412 7.160
C TrainCGF 20 9 Tan-sig Log-sig 4.332 7.566

Table 5. Variables in multi-objective optimization of artificial neural network for the second target.

Back Propagation
Algorithm

Number of
Neurones in

1st Layer

Number of
Neurones in

2nd Layer

Transfer
Function in 1st
Hidden Layer

Transfer
Function in 2nd
Hidden Layer

Train Error
(%)

Test Error
(%)

A TrainCGF 13 20 Tan-sig Log-sig 2.518 3.782

In this study, a two-layer network with a maximum number of neurons of 30 per layer
is proposed as it has the capability to find the required optimum ANN configuration.
Raising the number of layers as well as neurons could result in a negligible improvement in
the result, but could also lead to significant increases in the computation cost. There were
two optimum configurations for the first target and only one configuration for the second
target. In the case of the first target, comparing the output of these two configurations did
not show any meaningful difference. Thus, an output of only one of them was reported in
this research.

The given information in Table 4 is crucial for training the ANN model and affects
its performance in terms of both training and test error. The back propagation algo-
rithm is used to train the ANN, which consists of three approaches TrainLM (Levenberg–
Marquardt), TrainBR (Bayesian Regularization) and TrainCGF (Conjugate Gradient with
Fletcher–Reeves). TrainLM (Levenberg–Marquardt) is a fast, widely used algorithm for
training networks, typically providing high accuracy with fewer iterations. The number
of Neurons in 1st Layer refers to the number of neurons in the first hidden layer of the
network. Each neuron in this layer processes a different feature of the input data. The
number of Neurons in 2nd Layer specifies the neurons in the second hidden layer, where
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the network starts to learn more complex features from the data. Transfer Function in 1st
Hidden Layer defines how the output of each neuron in the hidden layer is calculated. In
the current study, the Tan-sig (tangent sigmoid) transfer function is utilized in the first
layer, which outputs values between −1 and 1, helping the network to learn complex
patterns. Transfer Function in 2nd Hidden Layer used in the second hidden layer is Log-sig

(logistic sigmoid), which outputs values between 0 and 1. This function is particularly
useful for binary classification tasks or probabilities. Train Error (%) represents the error
(in percentage) during the training phase, showing how well the network fits the training
data. The lower the training error is the better in learning patterns. Test Error (%) shows
the error (in percentage) when the network is examined based on the data that have not
been used in the training section. This aids in assessing how well the model generalizes to
new, unseen data.

The performance and train, validation, and test regression graph for the first target is
illustrated in Figure 7.

Also, the information for ANN for the second target is shown in Table 5 and related
information about the performance of ANN is shown in Table 5. Also, the performance of
second target is shown in Figure 8.

The first stage of optimization is generating a random population through iteration
toward the best solution. The detailed methodology to determine the optimal ANN is
given in [36,37], where the authors give detailed information about the involved steps. The
related processing parameters are shown in Table 6.

Table 6. Detailed information about the NSGA.

Parameter Value

population size 40 chromosomes
mutation rate 0.1
crossover rate 0.85 over 40 generations
Execution time for each network 10 times

To find the final objective of each individual chromosome, 10 independent runs were
carried out. This approach helps to eliminate the unstable chromosome from consideration.
The evolutionary process of selecting the optimal network variable vectors to identify
the Pareto front of two conflicting objectives (training and testing errors) is conducted
using the NSGA approach. The optimal artificial neural networks were identified for each
output individually, and their corresponding training and testing errors are presented in
Tables 4 and 5.
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Figure 7. Cont.
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(d) 

Figure 7. (a) Performance of ANN, (b), best validation performance, (c) Train, validation, and test
regression of ANN, (d), training state performance plot (for first target).
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Figure 8. Cont.
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Figure 8. Cont.
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(d) 

Figure 8. (a) Performance of ANN, (b), best validation performance, (c) train, validation, and test
regression of ANN, (d), training state performance plot (for second target).

7. Multi-Objective Optimization of Processing Parameters in DED

Having found the optimal ANN for each target, in the next step, the best results
(lowest values) are found in the continuous domain bounded. Thus, NSGA was utilized to
determine the optimal inputs, resulting in the optimal combination of laser power, scanning
speed, and laser beam radius. Figure 9 illustrates the NSGA algorithm utilized in this study.
The non-dominated sorting genetic algorithm, NSGA-II, is one of the best evolutionary
algorithms for the optimization of multi-objective problems, which has been employed
in several studies. Since the sorting method employed in this algorithm introduces all
possible scenarios, NSGA guarantees the obtainment of the appropriate combination of
parameters leading to the optimum output. The algorithm starts generating a random initial
population. Then, using operators such as crossover and mutation, it tries to find the best
input parameters until satisfying the termination criteria. The termination criteria could
be a certain number of iterations (as used in this study), reaching a certain and acceptable
output, or any other criteria a designer determines. Additionally, Table 7 demonstrates the
results achieved through the ANN. To select the best option among these individuals, their
values referring to the targets were compared and scored 1 to 4 based on their strengths.
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Figure 9. The NSGA-II algorithm.

Table 7. Obtained results through the NSGA and validation.

Laser Power
(W)

Scanning
Speed (mm/s)

Laser Beam
Radius (mm)

Displacement
(mm)

(NSGA)

Residual Stress
(NSGA)

Displacement
(mm) (FE

Simulation)

Residual Stress
(FE Simulation)

684.93 10.46 0.59 1.56 450.57 1.62 489
713.12 10.73 0.57 1.46 457.17 1.51 491

Table 7 presents the optimal values for the current research derived from NSGA. These
values provide information about the best combination of processing parameters that lead
to an optimal output for the DED process. It is worth noting that the achieved results
are in the predefined range of input processing parameters and corresponding outputs
according to Table 3. This ensures that the optimization process stays within feasible and
practical limits.

Regarding the effect of processing parameters, increasing laser power enhances the
melt pool size which increases the higher material deposition volume in the deposition
area [38]. This leads to overbuilding, which causes geometrical deviation. In addition,
higher laser power causes deeper penetration on the substrate or previous layers causing
irregularities on the surface [39]. Furthermore, keyholing may occur, leading to defects
such as pores and voids. The effect of laser power on residual stress can be attributed to the
high thermal gradient between the melt pool and surrounding materials, which increases
residual stress [40]. Higher cooling rates and rapid solidification associated with high laser
power further contribute to the formation of residual stress.

By enhancing scanning speed, the delivered energy to the substrate per unit decreases,
which creates a smaller thermal gradient followed by lower residual stress due to a small
difference between the melt pool and surrounding materials [41,42]. In addition, while
less material is deposited to the melt pool, incomplete fusion happens between the layers,
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causing defects such as porosity or gaps leading to geometrical deviation. Also, a higher
scanning speed can reduce heat accumulation to control distortion.

By increasing the laser beam radius, the residual stress decreases, because the larger
laser beam spreads the energy on the wider area which leads to lower energy density [43].
With lower energy density, the thermal gradient is reduced, followed by more uniform
heating and cooling. On the other hand, increasing the laser beam radius is likely to create
a higher deviation in the deposited area. The larger beam size increases the size of the melt
pool which decreases the precision and increases geometrical deviation.

8. Conclusions

In the current study, the integration of FE simulation and machine learning, particu-
larly Artificial Neural Networks (ANN) and Non-sorting Genetic Algorithms (NSGAs),
was used to find the optimal combination of processing parameters in the directed energy
deposition of SS316L to evaluate the residual stress and deflection (displacement). The
focus was to assess residual stress and displacement during the process.

1. Key findings: Firstly, the validation process was successfully implemented and then
a series of tests were carried out to create the data for ANN and NSGA to find the
optimal combination of laser power, scanning speed and laser beam radius to reduce
the residual stress and displacement. The application of ANN and NSGA enabled the
identification of an optimal combination of processing parameters

2. Main Advantages: The achievement from the current study illustrated significant
enhancement in controlling residual stress and geometrical deviation. This high-
lights the potential of combining FE simulation with ML algorithms to enhance the
efficiency and precision of the DED process, offering a more accurate approach to
process optimization.

3. Implications for Future Research: The obtained results serve as an applicable ref-
erence for further process validation and refinement, particularly when compared
to experimental data. This research contributes to a deeper understanding of how
different processing parameters affect the overall thermo-mechanical behavior of the
DED process, providing insight for future advancements in additive manufacturing.
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Nomenclature

Directed Energy Deposition DED Non-dominated Sorting Genetic Algorithm NSGA
Machine Learning ML Laser Metal Deposition LMD
Finite Element FE Direct Laser Metal Deposition DLMD
Artificial Neural Network ANN Particle Swarm Optimization PSO
Multilayer Perceptron MLP Wire Laser Metal Deposition WLMD
Artificial Intelligence AI Back Propagation BP

References

1. Ghasempour-Mouziraji, M.; Lagarinhos, J.; Afonso, D. A review study on metal powder materials and processing parameters in
Laser Metal Deposition. Opt. Laser Technol. 2024, 170, 110226. [CrossRef]

2. Shah, K.; Pinkerton, A.J.; Salman, A.; Li, L. Effects of melt pool variables and process parameters in laser direct metal deposition
of aerospace alloys. Mater. Manuf. Process. 2010, 25, 1372–1380. [CrossRef]

3. Kulkarni, M.; Mazare, A.; Schmuki, P.; Iglič, A. Biomaterial surface modification of titanium and titanium alloys for medical
applications. In Nanomedicine; One Central Press: Manchester, UK, 2014; pp. 111–615.

4. Miguel, F.; Ramalho, Q. Study of the Laser Metal Deposition (LMD) Technology in the Automotive Industry. Master’s Thesis,
Instituto Politecnico de Leiria, Leiria, Portugal, 2019.

5. Costa, L.; Vilar, R.; Reti, T.; Deus, A.M. Rapid tooling by laser powder deposition: Process simulation using finite element analysis.
Acta Mater. 2005, 53, 3987–3999. [CrossRef]

6. Liu, C.; Li, Y.; Hao, X. An adaptive machining approach based on in-process inspection of interim machining states for large-scaled
and thin-walled complex parts. Int. J. Adv. Manuf. Technol. 2017, 90, 3119–3128. [CrossRef]

7. Song, L.; Zeng, G.; Xiao, H.; Xiao, X.; Li, S. Repair of 304 stainless steel by laser cladding with 316L stainless steel powders
followed by laser surface alloying with WC powders. J. Manuf. Process. 2016, 24, 116–124. [CrossRef]

8. Rombouts, M.; Maes, G.; Hendrix, W.; Delarbre, E.; Motmans, F. Surface finish after laser metal deposition. Phys. Procedia 2013, 41,
810–814. [CrossRef]

9. Ghasempour-Mouziraji, M.; Afonso, D.; Hosseinzadeh, S.; Goulas, C.; Najafizadeh, M.; Hosseinzadeh, M.; Ganji, D.; de Sousa,
R.A. Modeling the effect of processing parameters on temperature history in Directed Energy Deposition: An analytical and finite
element approach. Rapid Prototyp. J. 2023, 30, 338–349. [CrossRef]

10. Ghasempour, M.; Afonso, D.; Torcato, R. Numerical investigation of deposition strategies on the residual stress and geometrical
deviation in Laser Metal Deposition. IOP Conf. Ser. Mater. Sci. Eng. 2021, 1193, 012095. [CrossRef]

11. Mazzarisi, M.; Angelastro, A.; Latte, M.; Colucci, T.; Palano, F.; Campanelli, S.L. Thermal monitoring of laser metal deposition
strategies using infrared thermography. J. Manuf. Process. 2023, 85, 594–611. [CrossRef]

12. Ghasempour-Mouziraji, M.; Hosseinzadeh, M.; Hajimiri, H.; Najafizadeh, M.; Marzban Shirkharkolaei, E. Machine learning-based
optimization of geometrical accuracy in wire cut drilling. Int. J. Adv. Manuf. Technol. 2022, 123, 4265–4276. [CrossRef]

13. Moradi, M.; Hasani, A.; Pourmand, Z.; Lawrence, J. Direct laser metal deposition additive manufacturing of Inconel 718 superalloy:
Statistical modelling and optimization by design of experiments. Opt. Laser Technol. 2021, 144, 107380. [CrossRef]

14. Pant, P.; Chatterjee, D. Prediction of clad characteristics using ANN and combined PSO-ANN algorithms in laser metal deposition
process. Surf. Interfaces 2020, 21, 100699. [CrossRef]

15. Pellizzari, M.; Zhao, Z.; Bosetti, P.; Perini, M. Optimizing direct laser metal deposition of H13 cladding on CuBe alloy substrate.
Surf. Coat. Technol. 2022, 432, 128084. [CrossRef]

16. Mahamood, R.M.; Akinlabi, E.T. Processing Parameters Optimization for Material Deposition Efficiency in Laser Metal Deposited
Titanium Alloy. Lasers Manuf. Mater. Process. 2016, 3, 9–21. [CrossRef]

17. Li, R.; Ju, G.; Zhao, X.; Zhang, Y.; Li, Y.; Hu, G.; Yan, M.; Wu, Y.; Lin, D. Simulation of residual stress and distortion evolution in
dual-robot collaborative wire-arc additive manufactured Al-Cu alloys. Virtual Phys. Prototyp. 2024, 19, e2409390. [CrossRef]

18. Wu, C.; Wan, B.; Entezari, A.; Fang, J.; Xu, Y.; Li, Q. Machine learning-based design for additive manufacturing in biomedical
engineering. Int. J. Mech. Sci. 2024, 266, 108828. [CrossRef]

19. Mu, H.; He, F.; Yuan, L.; Hatamian, H.; Commins, P.; Pan, Z. Online distortion simulation using generative machine learning
models: A step toward digital twin of metallic additive manufacturing. J. Ind. Inf. Integr. 2024, 38, 100563. [CrossRef]

20. Loreau, T.; Champaney, V.; Hascoet, N.; Lambarri, J.; Madarieta, M.; Garmendia, I.; Chinesta, F. Parametric analysis and machine
learning-based parametric modeling of wire laser metal deposition induced porosity. Int. J. Mater. Form. 2022, 15, 33. [CrossRef]

21. Israr, R.; Buhl, J.; Elze, L.; Bambach, M. Simulation of different path for WAAM with Lagrangian finite element methods.
In Proceedings of the 15th LS-DYNA Forum 2018, Bamberg, Germany, 15–17 October 2018.

22. Lampa, C.; Kaplan, A.F.H.; Powell, J.; Magnusson, C. An analytical thermodynamic model of laser welding. J. Phys. D Appl. Phys.
1997, 30, 1293–1299. [CrossRef]

44



Materials 2025, 18, 1039

23. Alimardani, M.; Toyserkani, E.; Huissoon, J.P. A 3D dynamic numerical approach for temperature and thermal stress distributions
in multilayer laser solid freeform fabrication process. Opt. Lasers Eng. 2007, 45, 1115–1130. [CrossRef]

24. Stainless Steel 316: What Is It? How Is It Made? Grades n.d. Available online: https://www.iqsdirectory.com/articles/stainless-
steel/stainless-steel-316.html (accessed on 6 November 2022).

25. Kiranmayi, A.V. Characterising High Energy Beam Welding In Structural Steels with Numerical Simulation and Validation. Ph.D.
Thesis, University of Bristol, Bristol, UK, 2015.

26. Biegler, M.; Graf, B.; Rethmeier, M. In-situ distortions in LMD additive manufacturing walls can be measured with digital image
correlation and predicted using numerical simulations. Addit. Manuf. 2018, 20, 101–110. [CrossRef]

27. El Naqa, I.; Murphy, M.J. Machine Learning in Radiation Oncology. In Machine Learning in Radiation Oncology; Springer:
Berlin/Heidelberg, Germany, 2015; pp. 3–11. [CrossRef]

28. Wiens, J.; Shenoy, E.S. Machine Learning for Healthcare: On the Verge of a Major Shift in Healthcare Epidemiology. Clin. Infect.
Dis. 2018, 66, 149–153. [CrossRef] [PubMed]

29. Wäldchen, J.; Mäder, P. Machine learning for image based species identification. Methods Ecol. Evol. 2018, 9, 2216–2225. [CrossRef]
30. Thiede, S.; Ghafoorpoor, P.; Sullivan, B.P.; Bienia, S.; Demes, M. Potentials and technical implications of tag based and AI enabled

optical real-time location systems (RTLS) for manufacturing use cases. CIRP Ann. 2022, 71, 401–404. [CrossRef]
31. Nasiri, S.; Khosravani, M.R. Machine learning in predicting mechanical behavior of additively manufactured parts. J. Mater. Res.

Technol. 2021, 14, 1137–1153. [CrossRef]
32. Schweidtmann, A.M.; Esche, E.; Fischer, A.; Kloft, M.; Repke, J.U.; Sager, S.; Mitsos, A. Machine Learning in Chemical Engineering:

A Perspective. Chem.-Ing.-Tech. 2021, 93, 2029–2039. [CrossRef]
33. Reddy, M.J.; Kumar, D.N. Multi-Objective Optimization using Evolutionary Algorithms. Water Resour. Manag. 2006, 20, 861–878.

[CrossRef]
34. Boyd, S.; Vandenberghe, L. Convex Optimization; Cambridge University Press: Cambridge, UK, 2013.
35. Burke, E.K.; Graham, K. Search Methodologies: Introductory Tutorials in Optimization and Decision Support Techniques, 2nd ed.;

Springer: Berlin/Heidelberg, Germany, 2014. [CrossRef]
36. Yarmohammadi, S.; Mohammadzadeh, K.; Farhadi, M.; Hajimiri, H.; Modir, A. Multi-objective optimization of thermal and flow

characteristics of R-404A evaporation through corrugated tubes. J. Energy Storage 2020, 27, 101137. [CrossRef]
37. Yarmohammadi, S.; Farhadi, M.; Hajimiri, H.; Salimpour, M.R. Multi-Objective Optimization of R-404A Vapor Condensation in

Swirling Flow Using Genetic Algorithms. Heat. Transf. Eng. 2017, 38, 137–148. [CrossRef]
38. Ferreira, A.A.; Fernando, M.; Vieira, G.; Rosanete, A.; Reis, L. Effects of Processing Parameters on Direct Laser Deposited Materials

for Industrial Components Repair. Ph.D. Thesis, University of Porto, Porto, Portugal, 2022.
39. Kusuma, C. The Effect of Laser Power and Scan Speed on Melt Pool Characteristics of Pure Titanium and Ti-6Al-4V Alloy for

Selective Laser Melting. Master’s Thesis, Wright State University, Dayton, OH, USA, 2016.
40. Lu, X.; Lin, X.; Chiumenti, M.; Cervera, M.; Hu, Y.; Ji, X.; Ma, L.; Yang, H.; Huang, W. Residual stress and distortion of rectangular

and S-shaped Ti-6Al-4V parts by Directed Energy Deposition: Modelling and experimental calibration. Addit. Manuf. 2019, 26,
166–179. [CrossRef]

41. Woo, S.S.; Lee, K.Y.; Baek, G.Y.; Kim, J.W. Residual stress variations in substrate (AISI D2) during directed energy deposition
process of high-speed tool steel (AISI M4) powder. J. Alloy. Metall. Syst. 2024, 6, 100080. [CrossRef]

42. Xiao, Z.; Chen, C.; Zhu, H.; Hu, Z.; Nagarajan, B.; Guo, L.; Zeng, X. Study of residual stress in selective laser melting of Ti6Al4V.
Mater. Des. 2020, 193, 108846. [CrossRef]

43. Sow, M.C.; De Terris, T.; Castelnau, O.; Hamouche, Z.; Coste, F.; Fabbro, R.; Peyre, P. Influence of beam diameter on Laser Powder
Bed Fusion (L-PBF) process. Addit. Manuf. 2020, 36, 101532. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

45



Article

Rapid-Optimized Process Parameters of 1080 Carbon Steel
Additively Manufactured via Laser Powder Bed Fusion on
High-Throughput Mechanical Property Testing

Jianyu Feng 1,2, Meiling Jiang 2,3, Guoliang Huang 2,3, Xudong Wu 2,3 and Ke Huang 2,3,*

1 College of Pittsburgh, Sichuan University, Chengdu 610200, China; fengjianyu@stu.scu.edu.cn
2 College of Materials Science & Engineering, Sichuan University, Chengdu 610065, China;

jml057589@163.com (M.J.); hgl_sugar@163.com (G.H.); m17311044998@163.com (X.W.)
3 Key Laboratory of Advanced Special Materials & Technology, Ministry of Education, Chengdu 610065, China
* Correspondence: kehuang84@gmail.com

Abstract

To ensure the sustainability of alloy-based strategies, both compositional design and pro-
cessing routes must be simplified. Metal additive manufacturing (AM), with its excep-
tionally rapid, non-equilibrium solidification, offers a unique platform to produce tailored
microstructures in simple alloys that deliver superior mechanical properties. In this study,
we employ laser powder bed fusion (LPBF) to fabricate 1080 plain carbon steel, a binary
alloy comprising only iron and carbon. Deviating from conventional process optimization
focusing primarily on density, we optimize LPBF parameters for mechanical performance.
We systematically varied key parameters (laser power and scan speed) to produce batches
of tensile specimens, which were then evaluated on a high-throughput mechanical testing
platform (HTP). Using response surface methodology (RSM), we developed predictive
models correlating these parameters with yield strength (YS) and elongation. The RSM
models identified optimal and suboptimal parameter sets. Specimens printed under the
predicted optimal conditions achieved YS of 1543.5 MPa and elongation of 7.58%, closely
matching RSM predictions (1595.3 MPa and 8.32%) with deviations of −3.25% and −8.89%
for YS and elongation, respectively, thus validating model accuracy. Comprehensive
microstructural characterization, including metallographic analysis and fracture surface
examination, revealed the microstructural origins of performance differences and the
underlying strengthening mechanisms. This methodology enables rapid evaluation and
optimization of LPBF parameters for 1080 carbon steel and can be generalized as an efficient
framework for robust LPBF process development.

Keywords: laser powder bed fusion; high-throughput mechanical testing; response surface
methodology; 1080 carbon steel

1. Introduction

1080 carbon steel has long been recognized as a critically important engineering mate-
rial due to its exceptional hardness and wear resistance [1,2]. It finds widespread applica-
tion in machining, tool manufacturing, automotive components, and related industries [3].
For instance, taps and reamers used in machining leverage the high hardness of 1080
steel to ensure cutting precision and tool longevity [4,5]. Similarly, springs in automotive
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suspension systems rely on its excellent elasticity and fatigue resistance to maintain stable
operation under repeated compressive and tensile loading [3].

Despite its advantages, the production of 1080 plain carbon steel suffers from funda-
mental limitations due to challenges in precise process control and resultant microstructural
heterogeneity. These issues impede its ability to satisfy modern industrial requirements for
compositional accuracy, performance stability, environmental sustainability, and cost effi-
ciency. Consequently, achieving the optimal combination of high strength, hardness, and
wear resistance typically requires complex, multi-step processing strategies, such as advanced
heat-treatment sequences and specialized welding protocols, that have been employed in prior
research to finely tailor the steel’s microstructure. Mishra et al. [6] employed a typical cyclic
heat treatment to achieve notably high strength (UTS = 2016 MPa) and reasonable ductility
(elongation = 11%); Fujii et al. [7] successfully enhanced the toughness and ductility of AISI
1080 steel using liquid CO2 during friction stir welding; and Mishra et al. [8] simultaneously
improved both the plasticity and strength of AISI 1080 steel via cyclic heat treatment.

In recent years, laser powder bed fusion (LPBF), a core metal additive manufacturing
(AM) technology, has demonstrated significant advantages in the efficient, near-net-shape
fabrication of complex and precision metal components [9–11]. Based on the principle of
discrete deposition and layer-by-layer stacking, LPBF utilizes a high-energy laser beam
to selectively melt metal powder according to a predefined 3D model path. Crucially,
the inherently high cooling rates associated with LPBF promote rapid solidification of the
molten metal within the melt pool and produce tailored microstructures in simple alloys
that deliver superior mechanical properties [11–13]. The core of the LPBF process lies in the
precise control of key parameters, such as laser power, scan speed, hatch spacing, and layer
thickness, to regulate heating/cooling rates, melt pool morphology, dimensions, overall ther-
mal history, etc. This control ultimately dictates the final part’s density, microstructure, and
resultant mechanical properties [14–17]. Azizi et al. [18] achieved high relative density and
optimal surface roughness in Cu–Cr–Zr alloy through systematic LPBF process parameter
optimization. Fereiduni et al. [19] fabricated CuNi2SiCr alloy via LPBF and investigated the
influence of process parameters on its thermal conductivity. Huang et al. [20] systematically
investigated the regulation of fracture toughness and fatigue crack propagation in LPBF-
fabricated tantalum through process parameter modulation. Lin et al. [21] investigated
the effects of process parameters on grain boundary characteristics and crack formation
mechanisms during LPBF of nickel-based superalloys.

Minor deviations in LPBF parameter combinations can readily introduce defects such
as porosity and microcracks or engender substantial microstructural variations (e.g., grain
size, morphology, phase composition). These imperfections markedly degrade dimen-
sional accuracy, density, and—critically—the reliability and consistency of mechanical
properties including strength, ductility, and toughness. Such sensitivity is especially acute
in processing-sensitive alloys like high-carbon and high-strength steels, which possess
inherently narrow processing windows requiring exceptionally precise parameter control.
Therefore, a comprehensive understanding and systematic optimization of LPBF process
parameters are essential preconditions for the stable, repeatable manufacture of 1080 carbon
steel through the LPBF process.

This study investigates 1080 carbon steel, a material known for its high strength and rela-
tively simple chemical composition. While LPBF parameter optimization is well-established,
conventional approaches predominantly focus on achieving high density and minimizing
defects. Traditional LPBF process optimization has predominantly focused on achieving high
density and reducing defects, with the assumption that high density itself ensures superior
mechanical properties. However, in practice, components with density exceeding 99% often
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exhibit low strength, ductility, or fatigue resistance. This is because mechanical properties are
determined by microstructural characteristics such as grain size and dislocation density, rather
than density alone. In contrast, this study takes mechanical properties as the core optimization
target and constructs a parameter optimization framework to achieve customized perfor-
mance for the narrow processing window of 1080 steel, filling the gap in existing research.
Furthermore, systematic optimization specifically targeting mechanical performance metrics,
particularly for processing-sensitive high-carbon steels like 1080 with inherently narrow pro-
cessing windows, remains less explored. So, the objective is to achieve an optimal balance
between yield strength and elongation through precise control of key LPBF process parame-
ters. A systematic variation of laser power and scan speed was employed to fabricate batches
of tensile specimens, which were subsequently evaluated using a high-throughput mechanical
testing platform (HTP). The RSM method was utilized to develop predictive models that
quantitatively correlate processing parameters with mechanical properties, specifically yield
strength (YS) and elongation. RSM was further applied to identify optimal and suboptimal
parameter sets that maximize mechanical performance and was verified by actual experiments.
Comprehensive microstructural characterization, including metallographic analysis and frac-
ture surface examination, elucidated the microstructural origins of the observed mechanical
behavior and revealed the underlying strengthening mechanisms. This work presents an
efficient and reliable framework for optimizing LPBF processing of high-performance 1080
carbon steel, enabling targeted mechanical property enhancement and offering generalizability
to other alloy systems and processes.

2. Materials and Experimental Methods

2.1. Raw Materials

The 1080 carbon steel powder used in this study was supplied by Hebei Chuangying
Metal Materials Co., Ltd. (Xingtai, China) and produced via gas atomization. It exhibits
a Hall flow rate of 13.2 s per 50 g, with chemical composition detailed in Table 1; the powder
particles display predominantly spherical morphology with uniform size distribution. The
high sphericity (≥98.5%) and D50 particle size of 20.81 μm render this powder highly
suitable for LPBF processing (Figure 1).

Table 1. Chemical composition of 1080 plain carbon steel.

Elements C Si Mn S P Fe

Wt% 0.75 0.19 0.79 0.01 0.01 Bal.

Figure 1. Morphology and size distribution of powder: (a) SEM, (b) size distribution.
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2.2. Experimental Methods

LPBF processing was performed using an HBD-80 system (Hanbang Union 3D Tech-
nology Co., Ltd., Shanghai, China) equipped with a YLR-500 fiber laser (beam diameter:
33 μm; wavelength: 1060 nm). Prior to fabrication, 1080 steel powder was dried for 8 h
in an argon-purged desiccator to eliminate residual moisture and prevent pore formation.
During printing, continuous argon flow maintained oxygen levels below 5 ppm to suppress
interlayer oxidation (Figure 2 illustrates the LPBF scheme). Based on previous research,
process parameter development employed the following ranges: laser power (P) = 100–375 W,
scan speed (V) = 400–600 mm/s, hatch spacing (H) = 120 μm, and layer thickness (t) = 30 μm.
The volumetric energy density (VED), calculated as VED = P/(V·H·t), ranged from 46.3 to
260.4 J/mm3, providing a preliminary indicator of energy input. Table 2 details the 16 parame-
ter combinations and corresponding VED values used for specimen fabrication. Conven-
tional mechanical testing approaches would incur prohibitive time and resource costs for
this parameter matrix. Consequently, we employed our self-developed high-throughput
testing platform [22] to efficiently acquire tensile property data, with three tests conducted
per set and the results averaged.

Figure 2. Schematic diagram of LPBF technology.

To identify the optimal process parameters for maximizing mechanical performance
in high-density 1080 carbon steel, an analytical model based on RSM was established. Laser
power (P), scan speed (v), and hatch spacing (h) were selected as the key experimental
factors. Utilizing high-throughput mechanical testing data, the Design-Expert 13 software
was employed to construct a statistically robust experimental matrix. Yield strength (YS)
and elongation (EL) were designated as the response variables to guide optimization.
A quadratic polynomial regression model [23] (Equation (1)) was implemented to construct
a mathematical relationship approximating the parameter property mapping between
experimental factors and response targets.

y = α0 +
k

∑
i=1

αixi +
k

∑
i=1

αiix2
i +

k

∑
i<j

αijxixj +ω (1)

where y represents the response variable, x represents the predictor variable, k represents
the number of experimental factors, α0 is the constant term, αi is the coefficient of the
first-order term, αii is the coefficient of the second-order term, αij is the coefficient of the
interaction term, and w represents the random error.
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Table 2. Process parameters of specimens.

No. P (W) V (mm/s) h (μm) VED (J/mm3)

1 100 600 120 46.3
2 125 600 120 57.9
3 150 600 120 69.4
4 175 600 120 81.0
5 200 600 120 92.6
6 225 600 120 104.2
7 250 600 120 115.7
8 275 600 120 127.3
9 300 600 120 138.9

10 325 600 120 150.5
11 350 600 120 162.0
12 375 600 120 173.6
13 350 400 120 243.1
14 375 400 120 260.4
15 300 400 120 208.3
16 325 400 120 225.7

2.3. Material Characterization Techniques

Sample density was measured via Archimedes’ principle using a MAY-D80 automated
density balance (MAYZUM Scientific Instruments (Shenzhen) Co., Ltd., Shenzhen, China).
Metallographic examination of the macrostructure was performed with a Zeiss Axio Im-
ager 40MAT optical microscope (Carl Zeiss (China) Co., Ltd., Suzhou, China). For electron
backscatter diffraction (EBSD) analysis, samples underwent sequential preparation: electro-
chemical polishing in 10% HClO4 ethanol solution, followed by broad-beam ion milling
using a Gatan PECS II 685 system. EBSD orientation maps were then acquired on a Zeiss
Gemini 300 scanning electron microscope Carl Zeiss AG, Oberkochen, Germany) equipped
with an Oxford Instruments Symmetry EBSD detector. All EBSD data were processed using
AZtecCrystal software (v2.1).

3. Results

3.1. Mechanical Properties from High-Throughput Tensile Testing

Strength and ductility, as critical metrics for assessing mechanical performance, are
often significantly enhanced in LPBF-fabricated components due to rapid solidification and
thermal cycling effects. Leveraging our self-developed high-throughput tensile platform
with automated parallel testing capability, we efficiently evaluated these properties. The
corresponding stress–strain curves are presented in Figure 3, while key mechanical property
data are summarized in Table 3.

3.2. Process-Property Analytical Model

Leveraging the tensile performance dataset, we employed response surface method-
ology (RSM) via Design-Expert 13 software to establish predictive relationships between
process parameters and mechanical properties. Figure 4 (adapted from [24]) illustrates the
RSM optimization workflow. Regression analysis revealed quadratic polynomial models
provided the best fit for the experimental data. The two-variable polynomial equations
relating yield strength (YS) and elongation (EL) to laser power (P) and scan speed (V) are
expressed as follows:

YS = +3271.77605 − 5.88014 × P − 3.72528 × V + 0.012212 × P × V (2)
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EL = 5.05 + 2.85 × P + 0.0515 × V − 0.0255 × P × V − 0.9211 × P2 (3)

Figure 3. Stress–strain curves of 1080 specimens through high-throughput tensile testing.

Table 3. High-throughput tensile test results.

No. P (W) V (mm/s) h (μm) Yield Strength (MPa) Elongation (%)

1 100 600 120 1195.3 ± 5.8 1.4 ± 0.1
2 125 600 120 1203.0 ± 6.6 2.1 ± 0.2
3 150 600 120 1237.2 ± 13.1 2.8 ± 0.5
4 175 600 120 1262.4 ± 17.1 4.0 ± 0.4
5 200 600 120 1359.5 ± 16.7 3.9 ± 0.6
6 225 600 120 1333.6 ± 13.0 4.7 ± 0.1
7 250 600 120 1415.1 ± 20.2 5.4 ± 0.4
8 275 600 120 1467.9 ± 18.7 5.8 ± 0.5
9 300 600 120 1487.2 ± 15.6 6.3 ± 0.2
10 325 600 120 1528.4 ± 12.6 6.7 ± 0.5
11 350 600 120 1530.6 ± 10.9 6.6 ± 0.4
12 375 600 120 1543.5 ± 8.0 7.0 ± 0.1
13 350 400 120 1404.7 ± 19.2 6.5 ± 1.4
14 375 400 120 1420.1 ± 12.9 7.1 ± 0.5
15 300 400 120 1477.8 ± 7.1 6.2 ± 0.8
16 325 400 120 1480.5 ± 15.8 6.5 ± 0.8

Figure 5a presents the 3D response surface for yield strength (YS), revealing a nonlinear
relationship between YS and the laser power/scan speed parameters. The response surface
exhibits a distinct maximum (red region) corresponding to peak YS values and a minimum
(blue region) associated with lower strength. Figure 5b displays the corresponding contour
plot, demonstrating the combined effect of laser power and scan speed on YS. Analysis
indicates the optimal parameter window for maximizing yield strength occurs within
P ≈ 250–350 W and V ≈ 500–550 mm/s, where contour lines converge toward the response
maximum.
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Figure 4. RSM parameter optimization process [17].

Figure 5. Influence of laser power and laser velocity on yield stress of LPBF 108: (a) 3D surface;
(b) contour maps illustrate the effect of power and velocity on the YS.

Figure 6a presents the 3D response surface for elongation (EL), demonstrating a positive
correlation with increasing laser power and decreasing scan speed. The monotonic ascending
trend indicates enhanced material ductility at higher energy input regimes. Figure 6b displays
the corresponding contour plot, revealing a region of maximum elongation (red contours)
concentrated at high laser power and low scan speed combinations. This parameter space
corresponds to volumetric energy densities exceeding 180 J/mm3, where improved inter-track
fusion reduces void formation and enhances plastic deformation capacity.
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Figure 6. Influence of laser power and laser velocity on elongation of LPBF 1080: (a) 3D surface;
(b) contour maps illustrate the effect of power and velocity on the EL.

Tables 4 and 5 present the analysis of variance (ANOVA) results for the yield strength
and elongation regression models. We employed ANOVA to evaluate model significance
and confidence levels [25], where the F-statistic and p-value determined the statistical
significance of model terms [26,27]. The F-statistic quantifies the ratio of model vari-
ance to residual variance, with higher values indicating greater model significance. The
p-value represents the probability of obtaining an F-statistic at least as extreme under
the null hypothesis, with p < 0.05 denoting statistical significance and p < 0.01 indicating
high significance [28]. Larger p-values corresponded to increased probability of model
error. Furthermore, ANOVA revealed comparable influence magnitudes of laser power (P)
and scan speed (V) on yield strength and elongation, with all linear and quadratic terms
exhibiting p < 0.01.

Table 4. Variance analysis of regression equation terms of YS.

Source Sum of Squares df Mean Square F-Value p-Value Prob > F Significant

Model 203,124.9099 3 67,708.3033 96.6238 <0.0001 Significant
P 616.6186 1 616.6186 0.8780 0.3667
V 7703.0096 1 7703.0097 10.9926 0.0061

PV 18,012.3838 1 18,012.3838 25.7047 0.0002
Residual 8408.9021 12 700.74183
Cor Total 211,533.8119 15

Table 5. Variance analysis of regression equation terms of EL.

Source Sum of Squares df Mean Square F-Value p-Value Prob > F Significant

Model 49.31 4 12.33 262.50 <0.0001 Significant
P 4.21 1 4.21 89.70 <0.0001
V 0.0026 1 0.0026 0.0556 0.8179

P × V 0.0003 1 0.0003 0.0072 0.9340
P2 1.24 1 1.24 26.43 0.0003
V2 0.0000 0

Residual 0.5166 11 0.0470
Cor Total 49.83 15
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Table 6 presents comprehensive model reliability metrics. The coefficient of determination
(R2) and adjusted R2 (adj-R2) approach unity (0.9602/0.9503 for YS; 0.9896/0.9859 for EL),
confirming exceptional agreement between experimental and predicted values [28]. A coefficient
of variation (C.V.) of 1.90% for YS and 4.17% for EL indicates minimal data dispersion, while
adequate precision ratios (YS: 30.0679; EL: 46.6148) substantially exceed the recommended
threshold of 4. These statistically robust validation metrics demonstrate the model’s efficacy for
predicting mechanical properties in LPBF-processed components.

Table 6. Reliability analysis of regression variance of YS and EL.

Std. Dev. Mean C.V.% R2 Adjusted R2 Predicted R2 Adeq Precision

YS 26.47 1396.68 1.90 0.9602 0.9503 0.9312 30.0679

EL 0.2167 5.19 4.17 0.9896 0.9859 0.9769 46.6148

To evaluate model fidelity and predictive accuracy, we conducted comparative analysis
between experimental measurements and model-predicted values. Figure 7 presents the
experimental vs. predicted plots for yield strength (YS) and elongation (EL) in LPBF-
processed 1080 carbon steel. Data points demonstrate tight clustering about the parity
line with minimal deviation. This alignment validates the model’s robustness and high
predictive precision within the investigated parameter space.

Figure 7. Comparison of predicted and actual values of (a) yield stress and (b) EL of LPBF 1080 steel.

3.3. Process Optimization and Verification

To validate the optimization methodology, experimental verification was performed us-
ing two parameter sets recommended by the RSM software (Design-Expert 13): optimal pa-
rameters (P = 375 W, v = 600 mm/s, h = 120 μm) and sub-optimal parameters (P = 350 W,
v = 400 mm/s, h = 120 μm), as presented in Table 7 and Figure 8. The deviation rate is defined as
the ratio of the actual average value to the predicted value (Table 7), with a prediction deemed
reliable when this rate is less than 10% [29]. For yield strength (YS), the deviation rates of the
optimal and sub-optimal groups are −3.25% and −4.07%, respectively—both well within the
10% threshold. Analysis of the coefficient of variation (C.V.) further confirms the high repeata-
bility of mechanical test results: the optimal group exhibits a YS C.V. of only 0.52%, while the
sub-optimal group shows 2.79%. This close alignment between predicted and experimental YS
values underscores the predictive model’s accuracy and reliability. Regarding elongation (EL),
the deviation rates for both parameter sets are also below 10% (optimal: −8.89%; sub-optimal:
−6.90%), validating the model’s effectiveness even for this property, which is highly sensitive to
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minor surface scratches, internal microcracks, or localized residual stress concentrations. These
factors can act as initiation sites for deformation localization under tensile loading; however, the
model demonstrates robust predictive capability despite such sensitivities.

Table 7. P, V, H of predicted YS-optimal specimen and EL-optimal specimen.

YS (MPa) EL (%)

Optimal

Predicted 1595.33 8.32

Actual-1 1553.56 6.76
Actual-2 1543.13 7.25
Actual-3 1533.88 8.74

Actual Mean 1543.52 7.58
Actual STD 8.04 0.84
Actual C. V 0.52% 11.1%

Deviation rate −3.25% −8.89%

Sub-optimal

YS (MPa) EL (%)

Predicted 1464.34 7.25

Actual-1 1363.72 6.74
Actual-2 1392.89 6.58
Actual-3 1457.5 6.93

Actual Mean 1404.70 6.75
Actual STD 39.19 0.14
Actual C. V 2.79% 2.12%

Deviation rate −4.07% −6.90%

Figure 8. Comparison of predicted and actual values of yield stress and EL of LPBF 1080 steel:
(a) optimal; (b) sub-optimal.

Crucially, metallographic analysis (Figure 9) demonstrates near-full density (>99.2%)
with negligible defect formation in both parameter sets. This microstructural evidence,
combined with the model’s predictive accuracy for yield strength, validates the efficacy of
our RSM-based approach for optimizing LPBF processing of 1080 carbon steel.

Figure 10 presents tensile fracture morphologies of specimens fabricated under (a) optimal
and (b) sub-optimal parameters. Both exhibit ductility-dominated mixed fracture modes yet
display distinct plastic deformation heterogeneity: the sub-optimal specimen (Figure 10b)
shows widely dispersed dimples (including elongated variants) with tear ridges, cleavage
steps, and river patterns, indicating localized stress concentration and heterogeneous plastic
constraints. Conversely, the optimal specimen (Figure 10a) features uniformly distributed
equiaxed dimples with narrow size distribution, demonstrating superior energy dissipation
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during plastic deformation. This morphological contrast directly correlates with differentiated
fracture mechanics: the homogeneous dimple structure in Figure 10a creates higher energy
barriers against crack propagation, enhancing fracture toughness and elongation. Crucially,
neither specimen reveals pores or inclusions, confirming exceptional density that effectively
suppresses stress concentration initiation, thereby providing microstructural assurance for
enhanced tensile performance.

 

Figure 9. Metallographic micrographs of 1080 steel: (a) optimal, (b) sub-optimal.

Figure 10. Scanning electron microscope (SEM) images of tensile fracture surfaces: (a) optimal,
(b) sub-optimal.

4. Discussion

4.1. Optimal vs. Sub-Optimal Parameters: Process–Microstructure–Property Linkages

To elucidate the underlying mechanisms responsible for the performance divergence
between optimal and sub-optimal process sets, detailed characterization and analysis were
conducted on both specimens.

4.1.1. Grain Size and Morphology

Figure 11 presents the size distribution figures of LPBF-processed 1080 carbon steel
fabricated under (a) optimal (P = 375 W, h = 120 μm, v = 600 mm/s, VED = 173.60
J/mm3) and (b) sub-optimal (P = 350 W, h = 120 μm, v = 400 mm/s, VED = 243.06 J/mm3)
parameters. Colors represent distinct crystallographic orientations: red = <001>, green
= <101>, and blue = <111>. Quantitative analysis reveals refined grain structures with
average sizes of 1.49 μm (Figure 11(a1)) and 1.54 μm (Figure 11(b1)). This grain coarsening
at higher VED results from reduced nucleation density, where grain growth dominates over
nucleation [28], consistent with observations in Invar alloys [30] and steels [31]. According to
the Hall–Petch relationship, the finer-grained optimal specimen exhibits enhanced strength
due to heightened grain boundary strengthening.
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Figure 11. Grain distribution of LPBF- fabricated 1080 specimens during different processes: (a,a1) optimal
specimen; (b,b1) sub-optimal specimen.

4.1.2. Crystallographic Texture

Figure 12 presents inverse pole figures (IPF) of optimal and sub-optimal specimens, re-
vealing distinct crystallographic texture characteristics. Figure 12a exhibits a strong <111>//Z
fiber texture with no pronounced preferential orientations along other axes. In contrast,
Figure 12b demonstrates a complex texture comprising the following: strong <111>//Z
and <121>//Y components and weaker <111>//X, <101>//Y, and <101>//Z orientations.
Quantitative texture analysis confirms significant differences in texture index (1.24 vs. 0.78),
demonstrating process-dependent texture evolution in LPBF-processed 1080 steel.

Figure 12. Inverse pole figures (IPFs) of LPBF-fabricated 1080 specimens during different processes:
(a) optimal specimen; (b) sub-optimal specimen.
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4.1.3. Geometric Dislocation Density

During LPBF processing, rapid cooling induces significant thermal stress accumula-
tion, promoting plastic deformation within the solidified materials [32]. Kernel average
misorientation (KAM) quantifies plastic strain magnitude and indicates localized concen-
trations of thermal stress or defect density [33]. Figure 13 presents KAM maps and grain
boundary character distributions. Regions of elevated plastic deformation appear green
in Figure 13a,b, corresponding to higher KAM values. Quantitative analysis reveals a greater
grain boundary density (9.75 × 1014 m−2) in the optimal parameter specimen (Figure 13a)
vs. 6.85 × 1014 m−2 in the sub-optimal specimen (Figure 13b), consistent with the finer grain
size observed in IPF analysis. Figure 13(a1,b1) displays grain boundary misorientation dis-
tributions, with low-angle boundaries (2–15◦) marked red and high-angle boundaries (>15◦)
blue. Increasing VED from 173.6 J/mm3 (optimal) to 243.06 J/mm3 (sub-optimal) correlates
with the decreased low-angle boundary fraction of 29.0% to 27.1% and increased high-angle
boundary fraction of 71.0% to 72.9%. This transition suggests enhanced recovery processes at
higher energy input.

 
Figure 13. KAM figures (a,b) and distribution of grain boundary angle (a1,b1) of LPBF- fabricated
1080 specimens during different processes: (a) optimal specimen; (b) sub-optimal specimen.

4.1.4. Process–Structure–Property Linkages of the Optimal and Sub-Optimal Specimens

Variations in key process parameters, such as laser power and scan speed, influence the
volumetric energy density (VED), which in turn directly governs the microstructural and me-
chanical properties evolution of 1080 carbon steel fabricated via LPBF. The optimal parameter
set characterized with lower VED of 173.6 J/mm3 promotes refined grains (1.49 μm aver-
age size) and elevated geometrically necessary dislocation (GND) density (9.75 × 1014 m−2),
with kernel average misorientation (KAM) analysis confirming concentrated plastic defor-
mation zones. Conversely, the sub-optimal set with higher VED of 243.06 J/mm3 induces
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grain coarsening (1.54 μm) and reduced GND density (6.85 × 1014 m−2). These microstruc-
tural distinctions directly modulate mechanical properties through grain boundary and dis-
location strengthening mechanisms. The optimal specimen achieves superior yield strength
(1543.52 MPa) and elongation (7.58%) vs. the sub-optimal specimen (1404.70 MPa, 6.75%),
thereby conducting a rough process–structure–property (P-S-P) linkage paradigm.

4.2. Advantages of This High-Throughput Testing and Analytical Modeling Approach
4.2.1. High Efficiency

This process optimization framework achieved completion within 50 h, primarily
through three synergistic advancements: Firstly, the high-throughput tensile platform
enabled automated batch testing with 10-fold efficiency gains over manual methods.
Secondly, it eliminated time-intensive polishing and detailed microstructural characteriza-
tion for all density-qualified specimens. Thirdly, RSM streamlined data analysis, model
construction, and parameter optimization into a unified computational workflow.

4.2.2. Fine-Tuning Process Parameters to Achieve Customized Performance

Conventional process optimization predominantly focuses on densification, defect
control, and microstructural evolution, with mechanical properties typically measured
only at selected parameter sets. Therefore, a traditional approach fundamentally limits
systematic establishment of process-property correlations. In contrast, our methodology
leveraging 16 distinct process-property datapoints developed an analytical model capable
of recommending optimal process parameters for arbitrary customized performance targets
within defined ranges. This data-driven framework holds significant implications for
demanding applications such as aerospace and medical components where customized
performance is critical.

5. Conclusions

This study fabricated 1080 carbon steel using the LPBF technique and proposes
a rapid process optimization framework based on high-throughput mechanical testing and
response surface methodology (RSM).

Optimal process parameters were determined through response surface methodol-
ogy (RSM), and the relationship between mechanical properties and microstructure was
systematically investigated. The main conclusions are as follows:

(1) This performance-oriented process optimization framework, built upon a high-
throughput testing platform and advanced data analysis techniques, demonstrates
exceptional efficiency. Within only 50 h, a comprehensive process–property database
and predictive model were established, enabling the identification of processing pa-
rameters that yield the customized values of yield strength (YS) and elongation (EL).

(2) Under the optimized process conditions, the LPBF-fabricated 1080 carbon steel
exhibited a yield strength of 1543.52 MPa and an elongation of 7.58%. These values
are in close agreement with the RSM-predicted results (1595.33 MPa and 8.32%),
corresponding to relative errors of −3.25% and −8.89%, respectively, thereby validat-
ing the accuracy and reliability of the predictive model.

(3) The superior mechanical performance at the optimal condition is primarily attributed
to a relatively low volumetric energy density (VED), which results in refined grain
structures (average grain size: 1.49 μm), an elevated geometrically necessary dis-
location (GND) density (9.75 × 1014 m−2), and grain boundary-mediated disloca-
tion strengthening. These underlying mechanisms were revealed through detailed
microstructural characterization.
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Abstract

The aim of this study was to evaluate the feasibility of estimating the tensile strength
of Ti6Al4V alloy, based on HV measurements. The investigation included samples that
were manufactured using both additive technology and conventional methods, under
various conditions: as-built, heat-treated, and untested mechanically. Static tensile tests and
HV measurements were performed to assess the influence of the manufacturing method,
heat treatment, and mechanical loading on material performance. The highest tensile
strength was recorded for as-built samples, while the greatest ductility was observed in
conventionally drawn bar samples. Hardness values generally correlated with tensile
strength trends; however, in heat-treated specimens, the relationship between hardness
and tensile strength was found to be nonlinear. Specimens that were not subjected to
tensile testing exhibited higher HV values than their mechanically tested counterparts,
indicating a potential effect of prior deformation on the local material condition. The results
confirm that hardness testing can be a useful indirect method for estimating the tensile
strength of Ti6Al4V, particularly in materials with controlled and uniform microstructures.
For additively manufactured and heat-treated materials, however, the current empirical
models may require adjustment or enhancement using advanced predictive approaches.
The proposed indirect method offers an alternative to destructive testing, especially in the
industrial quality control context for metal AM.

Keywords: Ti6Al4V alloy; tensile strength; hardness; additive manufacturing; DMLS; heat
treatment; mechanical properties; microstructure; non-destructive testing; metal AM

1. Introduction

Determining the mechanical properties of engineering materials, particularly their
tensile strength, is one of the key tasks in mechanical engineering. This parameter de-
termines whether a given material can be used in structural components, especially in
industries with high safety requirements, such as the aerospace, biomedical, and energy
sectors. Traditional testing methods such as the tensile test, while providing precise data,
are also destructive techniques that require properly prepared samples and specialized
equipment. As a result, their application in routine quality control may be limited, due to
cost and time consumption [1,2].
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In this context, indirect methods for assessing mechanical properties are gaining
increasing interest, with hardness analysis being the most commonly used technique.
Hardness (HV), which is defined as a measure of a material’s resistance to local plastic
deformation, can be determined relatively quickly and inexpensively, and its measurement
is often non-destructive or minimally invasive. Importantly, numerous studies indicate
a correlation between hardness and tensile strength, which creates the potential to use
hardness as a predictor of the strength of metallic materials [3,4].

One of the materials for which this issue is of particular importance is the titanium alloy
Ti6Al4V, which belongs to the group of α+β dual-phase alloys. It is characterized by a high
strength-to-weight ratio, excellent corrosion resistance, and outstanding biocompatibility,
making it a dominant material in aerospace, implantology, and military applications.
At the same time, the mechanical properties of Ti6Al4V are highly dependent on its
microstructure, which can be significantly modified by the manufacturing technology used
and any subsequent heat treatment processes [5].

In recent years, the additive manufacturing (AM) of metals has been developing rapidly,
particularly the direct metal laser sintering (DMLS) method, which belongs to the class of
selective laser sintering technologies. This technique enables the tool-free production of
geometrically complex components with high dimensional accuracy and efficient material
usage. However, structures produced in this way exhibit a microstructure that differs from that
of conventionally manufactured materials, including a characteristic grain alignment along the
layer-by-layer build direction, the presence of pores, microdefects, and residual stresses. These
features have a direct impact on mechanical properties, including hardness and strength [6,7].

Compared to materials produced by traditional methods, such as rolling or drawing,
DMLS materials often exhibit greater anisotropy in their properties and a stronger dependence
on the build direction. For example, the study by Leuders et al. (2013) demonstrated significant
differences in tensile strength and elongation depending on the sample orientation relative to
the build axis [8]. For this reason, appropriate post-process heat treatment is crucial in order
to homogenize the microstructure, reduce the residual stresses, and eliminate porosity.

Heat treatment, when applied to both DMLS and conventionally produced samples,
enables controlled phase transformation and modification of the morphology of the α

and β phases. With appropriately selected annealing parameters, a more homogeneous
microstructure can be achieved, which translates into stabilized mechanical properties,
including improved ductility and fatigue resistance. Another important aspect is the
influence of heat treatment on hardness values, which directly affects the accuracy of
strength estimation using indirect methods [9].

In this study, four groups of Ti6Al4V alloy samples were used, differing in their
manufacturing method and heat treatment condition: DMLS samples in the ‘as-built’ state,
DMLS samples after annealing, drawn bar samples without heat treatment, and bar samples
after annealing. This variation in sample types makes it possible to evaluate the influence
of the microstructure and manufacturing technology on the relationship between hardness
and tensile strength.

Modeling the relationship between hardness and tensile strength can take various
forms—from simple linear models to more complex power–law or logarithmic functions.
The most commonly cited approach is the model proposed by Cahoon et al. (1971), in
which tensile strength is expressed as a function of Vickers hardness and the elastic mod-
ulus. While this model is widely used, it is based on an assumption of microstructural
homogeneity, which may not be applicable to additively manufactured materials [4].

The literature emphasizes that applying universal correlations between hardness and
tensile strength carries the risk of prediction errors, particularly for materials with complex
microstructures or significant technological differences [10,11]. Therefore, many research
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teams recommend developing dedicated, empirical relationships tailored to a specific
material, processing condition, and hardness range.

The use of hardness as an indicator of material quality holds significant practical
importance—especially in the context of industrial additive manufacturing. The ability
to non-invasively estimate tensile strength enables faster production decisions, reduces
waste, and lowers the costs associated with destructive testing. Therefore, the development
of accurate hardness–strength models tailored to the specific characteristics of DMLS and
Ti6Al4V can greatly enhance the efficiency of industrial quality control [12].

At the same time, it should be remembered that hardness measurement is not without
its limitations. The hardness value may depend on measurement conditions (load, duration,
and surface condition), as well as on local structural inhomogeneities. In the case of Ti6Al4V,
especially after additive manufacturing processes, significant hardness fluctuations may
occur, even within a single sample [13].

Moreover, the homogeneity of the microstructure plays a key role in the accuracy of
estimations. Microdefects, chemical segregations, microstructural gradients, and grain ori-
entation can disrupt the relationship between hardness and strength. Therefore, studies in
this area should be conducted on samples representing the full range of material conditions
and processing technologies.

The Ti6Al4V alloy is also characterized by the presence of two phases (α and β), the
volume fraction, morphology, and distribution of which influence both the hardness and
strength. Phase transformations during heat treatment, as well as differences between the
microstructure of DMLS and conventionally produced materials, can lead to significant
variations in the hardness–strength correlation, which should be taken into account when
developing predictive models [5].

A review of the literature shows that although there are numerous studies analyzing
the relationship between hardness and strength for various metal alloys, data for the
Ti6Al4V alloy—especially in the context of DMLS—remain limited. Studies such as those
conducted by Kasperovich and Hausmann (2015) and Qiu et al. (2015) are promising but
highlight the need for further work on standardizing approaches and validating models
under different technological conditions [14,15].

The aim of this article is, therefore, to evaluate the effectiveness of an indirect method
for estimating the tensile strength of the Ti6Al4V alloy, based on hardness test results. The
study analyzes samples that were produced using the DMLS method, as well as drawn
bar stock, both before and after heat treatment. The obtained results will make it possible
to verify the suitability of the selected correlation models and to assess the impact of
manufacturing technology and microstructure on prediction accuracy.

2. Research Object

The research object consisted of samples made of Ti6Al4V ELI alloy intended for
biomedical applications, with a lower oxygen content. Table 1 shows the chemical compo-
sition of the titanium powder used to produce the test samples.

Table 1. Ti6Al4V ELI powder chemistry according to Renishaw’s catalog [16], given as a weight
percentage (wt.%).

Al V Fe O C N H Y Other Ti

5.5–6.5 3.5–4.5 ≤0.25 ≤0.13 ≤0.08 ≤0.05 ≤0.012 ≤0.005 ≤0.4 rest

The test samples were printed on an EOS M290 device. The manufacturing process
was characterized by the following parameters: laser power of 400 W, time of the laser beam
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on the material, 80 μs, hatch distance of 60 μm, layer thickness of 60 μm, and scanning
speed of 5000 mm/s. The scanning rotation angle between successive superimposed layers
was 0.

Samples with a circular cross-section were adopted for the study of static properties.
The geometric and physical forms of the research objects are shown in Figure 1.

 
(a) 

 
(b) 

Figure 1. Research material: (a) sample diagram with dimensions; (b) physical form of the sample.
Data from [17].

Two types of samples made by the DMLS method were accepted for testing. The first
series was in the form of as-built samples, without additional heat or mechanical treatment.
The second series of samples was subjected to a heat treatment process consisting of the
supersaturation of the test material at a temperature of 980 ◦C for 1 h in a Seco Warwick
Case Master Evolution single-chamber vacuum furnace. The third group consisted of
samples made of annealed drawn bars. The samples were divided into 6 groups of 3.
Table 2 shows the designations of the samples for the respective groups.

Table 2. Description and marking of samples taken for testing.

No. Group Name Description

1 AS Specimen A printed sample without heat treatment, subjected
to a static tensile test

2 HT Specimen A printed sample with heat treatment, subjected to a
static tensile test

3 DB Specimen A sample from a drawn bar without heat treatment,
subjected to a static tensile test

4 ASW Specimen A printed sample without heat treatment, not
subjected to a static tensile test

5 HTW Specimen A printed sample with heat treatment, not subjected
to a static tensile test

6 DBW Specimen A sample made of a drawn bar without heat
treatment, not subjected to the static tensile test

The AS, HT, and DB samples were tested under static tensile loads. The ASW, HTW,
and DBW samples were not subjected to this analysis, but were instead used to create the
samples used in the hardness tests and microscopic examinations. They acted as reference
(comparative) samples in determining how thermal processes and the process of testing
static properties may affect the hardness of the material.
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3. Research Methods

3.1. Tensile Properties

The static tensile test made it possible to determine the mechanical properties of the
material, i.e., tensile strength Su, yield point Sy0.2, Young’s modulus E, and elongation A.
The tests, conducted under static load conditions, were carried out on an INSTRON 8502
testing machine (Figure 2). The test was carried out, based on a displacement of the
machine piston by 0.05 mm/s. The parameters recorded during the tests were force
and displacement. The displacement during the tests was determined using the classic
INSTRON 2620-601 extensometer with a measuring base of 8 mm and a measuring range
of 1 mm, which was used to determine the deformation value. During the static tensile test,
five samples from each group (AS, HT, and DB) were used.

 

Figure 2. Tensile strength machine – INSTRON 8502, Bydgoszcz, POLAND.

3.2. Material Hardness Tests

The material hardness tests were carried out on a Huatec HV10 hardness tester
(Figure 3). The hardness test was carried out using the Vickers HV5 scale with a force
equal to 49.03 N. The AS, ASW, HT, HTW, DB, and DBW samples were tested. Hardness
measurements were made on the cross-section of the sample on the x-y plane. Figure 4
shows the hardness measurement points for the samples.

 

Figure 3. HUATEC HV10 hardness tester, Bydgoszcz, POLAND.
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Figure 4. Schematic representation of the hardness measurement method on the x-y plane.

3.3. Tests of the Microstructure of Materials

After the tests of mechanical properties and hardness measurements were conducted,
the samples were taken for metallographic tests. Microscopic photos were taken along
the z-axis in two areas: P1—in the grip part of the sample, and P2—in the location of the
fracture of the samples subjected to the static tensile test, which is shown schematically
in Figure 5.

Figure 5. Scheme of the sample used for metallographic tests, with the places for taking microstruc-
tural pictures marked.

4. Research Results

4.1. Tensile Strength Results

Table 3 shows the test results, which were the mean value with any deviations of the
following parameters: tensile strength, proof stress, Young’s modulus, and elongation. The
results were compared to those obtained for samples made of a drawn bar with the same
geometry, as shown in Figure 3.

Table 3. Results of the tests of static tensile strength.

No. Specimen No
Su Sy0.2 E A

MPa MPa MPa %

1 2 3 4 5 6
1 AS specimen 1414.3 ± 106.1 1278 ± 95.8 106,300 ± 7972.5 10.4 ± 0.8
2 HT specimen 1050.5 ± 78.8 992 ± 74.4 117,840 ± 8838 2.9 ± 0.2
3 DB specimen 969.7 ± 72.8 927 ± 69.5 112,000 ± 8400 27.4 ± 2.1
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In this study, a static tensile test was conducted on three types of Ti6Al4V alloy samples.
The test results are presented as a stress–strain graph (Figure 6). Analysis of the graph
clearly distinguishes the mechanical characteristics of each material.

Figure 6. Sample plot of static tension results.

The AS sample exhibited the highest tensile strength (ultimate tensile strength
(UTS) ≈ 1450 MPa), accompanied by relatively low elongation (ε ≈ 8–9%). The stress–
strain curve is characterized by a steep rise in the maximum stress, followed by a sudden
fracture, which is typical for materials with high strength and limited ductility. The high
strength of the AS sample results from its specific columnar microstructure, which is formed
during rapid solidification in the DMLS process, as well as the presence of residual stresses
and unannealed dislocations [7,8].

The HT sample, obtained by heat-treating the AS sample, showed lower tensile
strength (UTS ≈ 1050 MPa) and even lower elongation (ε ≈ 4–5%). This reduction is due
to microstructural changes occurring during annealing, including stress relaxation, phase
transformations, and a decrease in dislocation density [9]. Despite improved structural ho-
mogeneity, the material lost part of its initial strength without a noticeable gain in ductility,
which may be the result of suboptimal heat treatment parameters (e.g., an excessively high
temperature or insufficient annealing time).

The DB sample (drawn bar, without heat treatment) exhibited the lowest tensile
strength (UTS ≈ 950 MPa) but the highest elongation, reaching as much as 26–27%. The
DB tensile curve features a long plastic plateau, indicating excellent ductility and a stable
deformation mechanism. The results confirm the expected behavior of conventional metal-
lic materials when subjected to cold working processes such as drawing, which promote
structural uniformity and increase the number of obstacles to dislocation movement [11].

4.2. Analysis of Tensile Strength Results

When analyzing the results of the static properties tests, it can be seen that the samples
printed in the as-built condition (AS specimen) are characterized by the highest strength.
However, they do not have as much ductility as the samples made of drawn bars (DB
specimen), which is also visible in the breakthroughs of the samples after the static tensile
test. This material behavior is influenced by the method of producing the material. The
printed samples are sintered in each layer, which induces a type of weld to form. This
significantly affects not only the high brittleness but also the high strength of elements
made with additive technology.
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The amount of work that must be applied to damage the sample during the static
tensile test was also analyzed. The calculated work is the area under the sample stretching
plot, which is shown schematically in Figure 7.

 

Figure 7. Scheme for determining the energy needed to destroy samples during strength tests.

The heat-treated samples did not improve their properties, which finding contrasts
with most of the reports in the literature, where heat treatment is generally shown to
enhance ductility and homogenize the microstructure of additively manufactured Ti6Al4V
components [9,18–20]. Compared to the as-built samples, they lost both strength and
plasticity. The material may exhibit such behavior due to insufficient heat treatment time
and a certain temperature, which is higher than the β-transus transformation temperature.
The highest ductility and the uniform α + β structure for the Ti6Al4V material are obtained
concurrently by applying heat treatments above the α-transus and below the β-transus
temperatures. The applied heat treatment could also insufficiently eliminate the defects
arising in the structure, resulting from the method of producing the sample, i.e., unmelted
powder particles or gas being used in the working chamber that was trapped in the
molten layer.

The analysis showed that the greatest effort was needed to destroy a sample made
of a drawn bar—11.19 J (Figure 8). Much less energy was needed to destroy a sample
produced in the laser sintering process—6.20 J—which is 55.4% of the energy needed to
destroy a sample made of a drawn bar. The heat-treated printed sample is characterized by
the smallest area under the tensile diagram, which translates into the smallest amount of
work put into damaging it—1.17 J.
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Figure 8. Graph showing the amount of energy needed to damage the samples.
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4.3. Material Hardness Results

The hardness results for the measurements carried out on the x-y plane are presented
in Table 4 by means of statistical parameters, i.e., the mean, standard deviation, median,
and relative standard deviation.

Table 4. Analysis of hardness measurement results on the x–y plane.

Specimen
Number of

Measurements
Average
[hv]

Standard
Deviation [hv]

Median
[hv]

Relative Standard
Deviation [%]

AS Specimen 10 347.1 12.5 343.5 3.6
HT Specimen 10 392.9 15,8 394.0 4.0
DB Specimen 10 294.7 6.4 294.5 2.2

ASW Specimen 10 412.7 22.8 410.3 5.5
HTW Specimen 10 356.9 20.6 358.0 5.8
DBW Specimen 10 336.7 4.5 337.0 1.3

To verify the potential of using hardness as an indirect indicator for assessing the
tensile strength of the Ti6Al4V alloy, Vickers hardness (HV) measurements were carried
out for six groups of samples: AS, HT, and DB (samples subjected to tensile testing), as well
as ASW, HTW, and DBW (samples not subjected to tensile testing). Each hardness value
represents the average of 10 independent measurements, through which it was possible to
determine not only the mean value but also the standard deviation, median, and relative
standard deviation (%RSD).

The highest average hardness was recorded for the ASW sample (412.7 HV), which
was produced using the DMLS method in its as-built state, without annealing and without
prior mechanical loading. The hardness of the HTW sample (printed and annealed but not
subjected to tensile testing) was 356.9 HV, while the DBW sample (drawn bar, also untested)
measured 336.7 HV. These values are slightly higher than those of their corresponding
tensile-tested counterparts: AS—347.1 HV, HT—392.9 HV, and DB—294.7 HV. This suggests
that performing the tensile test may, in some cases, lead to localized modifications in
the material’s structure—such as surface work hardening or microscopic deformation—
resulting in slight changes (in most cases, reductions) in hardness.

It is worth noting, however, the unusual result observed for the HT sample, which,
despite being annealed, shows greater hardness (392.9 HV) than its corresponding untested
counterpart, HTW (356.9 HV). This may indicate structural inhomogeneity, local phase
transformations, or the influence of micro-deformations that are introduced during the
tensile testing process. Possible variations in the specific locations where the hardness
measurements were taken on the sample should also be considered.

From the standpoint of result uniformity, the most stable values were obtained for
the DBW (1.3% RSD) and DB (2.2% RSD) samples, confirming the high quality and con-
sistency of the microstructure in the material derived from the drawn bar. In contrast,
the samples produced using the DMLS method, particularly the HTW and ASW, showed
significantly greater result dispersion (%RSD of 5.8% and 5.5%, respectively), which may
stem from the inherent anisotropy of additive materials and local differences in density
and phase distribution.

A comparison of the hardness results with the tensile strength values enables an anal-
ysis of the potential correlations between these properties. The AS sample, characterized
by a tensile strength of approximately 1450 MPa, had an average hardness of 347.1 HV,
while the DB sample, with the lowest tensile strength (~950 MPa), reached a hardness of
294.7 HV. As expected, higher hardness translated into higher strength, which confirms
the validity of using empirical relationships such as the Cahoon model or other classic
HV–UTS correlations.
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However, the HT sample disrupts this simple correlation. Despite having greater
hardness than the AS sample (392.9 HV vs. 347.1 HV), it achieved significantly lower
tensile strength (~1050 MPa). This indicates that surface hardness does not fully reflect
the strength properties of the heat-treated material. This may result from the fact that heat
treatment modifies not only the local hardness but also the internal microstructure, the
distribution of α and β phases, dislocation density, and the residual stress distribution—all
of which are critical parameters for the material’s behavior under tensile loading.

The analyses of both the mean values and standard deviations lead to the conclusion
that hardness can be a useful but insufficient indicator for indirectly estimating the strength
of Ti6Al4V materials, particularly in their heat-treated state. For the as-built samples (AS
and DB), the HV–UTS relationship shows strong consistency, justifying the use of predic-
tive models in the context of additive manufacturing without annealing or when using
conventional materials. However, for heat-treated materials, it is necessary to consider
additional structural parameters, which may require extending the correlation model or
employing more advanced predictive techniques (e.g., machine learning).

Additionally, the fact that the samples not subjected to tensile testing (ASW, HTW, and
DBW) exhibited higher hardness compared to their tensile-tested counterparts suggests the
potential influence of mechanical deformation on subsequent hardness measurements—
even though the HV test itself is considered minimally invasive. This further reinforces the
need to perform hardness measurements in a controlled manner, taking into account the
material’s loading history.

Importantly, the samples not subjected to tensile testing (ASW, HTW, and DBW)
exhibited higher hardness values compared to their tensile-tested counterparts. At first
glance, this appears contrary to the classical phenomenon of strain hardening; however,
additional mechanical and structural effects must be considered. During the tensile test,
local relaxation of residual stresses and redistribution of the dislocation structure may
occur, leading to reduced post-test hardness. The literature suggests that in materials with
a martensitic microstructure (such as the α′ phase that is present in the AS samples), these
effects can result in strain softening or may even initiate micro-recrystallization within the
necking region [15,21] (Brodsky and Thompson, 1984; Qiu et al., 2015). Additionally, local
temperature increases during testing (adiabatic heating) may induce micro-annealing [11],
and, in additively manufactured structures, partial stress relaxation due to plastic defor-
mation is also possible [14]. As a result, hardness measurements taken after tensile testing
may yield lower values, despite the simultaneous occurrence of classical strain hardening.
Similar observations for Ti6Al4V were also reported by Bermingham et al. (2011) and
Yadollahi and Shamsaei (2017) [9,13].

In summary, the hardness analysis confirms this test’s potential as a supplementary
indicator for assessing the mechanical properties of Ti6Al4V. However, its effectiveness
depends on technological consistency, microstructural homogeneity, and knowledge of the
processing conditions. Only under such conditions is it possible to build reliable and stable
predictive models of tensile strength based on hardness measurements.

4.4. Determination of Material Strength Based on Hardness Measurement Results

The presented results of the hardness measurements of Ti6Al4V alloy samples made
from a drawn bar and the additive method show differences. The DB samples are charac-
terized by the lowest hardness value, which is also reflected in the strength results obtained
via the static tensile test. The difference between the specimen under tension (DB specimen)
and the as-built sample (DBW specimen) is 42 HV. This difference may indicate changes
in the structure of the material resulting from clamping the testing machine’s jaws on
the sample during the test, as well as the static tensile test itself. Similar differences are
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observed in the AS and ASW samples, where the difference is 65.6 HV, and in the HT and
HTW samples, where the difference is 36 HV.

The analysis of the results of the hardness tests on the x–y plane showed that the ASW
and HT samples have the hardest structure, and the difference between them is 19.8 HV.
The heat-treated printed samples (HTW) and printed samples without heat treatment (AS)
show a similar hardness—the difference is 9.8 HV. The largest value for the dispersion of
hardness in the results was observed for the ASW sample, at 22.8 HV.

When analyzing only the hardness results for those specimens taken from the samples
not subjected to the static tensile test, where there are no changes in the material caused by
tensile forces, it is noted that the ASW sample has the highest hardness, and the DBW has
the lowest. The results of the tensile strength tests are similar, with the highest value for the
AS sample and the lowest for DB. This highlights the relationship between the hardness
and strength of the material.

The performed hardness measurements made it possible to determine the material
strength indirectly. To determine the tensile strength in an analytical manner using the
results of the hardness measurements, the formula described in Ref. [5] was used, which is
presented below:

UTS =
H
C
(1 − n)

(
12.5n
(1 − n)

)
(1)

where:
H—Vickers hardness value or HV,
C—material factor, and
n—strengthening factor.
The next stage used Equation (1) to carry out analytical calculations and to determine

the local tensile strengths for the obtained values of hardness measurements on the x-y
plane of the sample cross-section. To determine the tensile strength on the basis of the
hardness tests, specimens taken from those samples not subjected to the strength test
were used and compared with the material strength when determined through a static
tensile test.

Figures 9–11 show the material strength results (UTS), calculated on the basis of
hardness tests for the ASW, HTW, and DBW samples, respectively. The presented graphs
show the strength values in terms of points compliant with the hardness measurements
(UTS), their average value, and the average strength value obtained based on the static
tensile test, together with the confidence intervals. To calculate the UTS, the cyclic hardening
factor for the Ti6Al4V alloy with a value of n = 0.9 was used, as reported in Ref. [22].
Two extreme values of the C coefficient have been proposed, which, after converting the
UTS, are within the assumed confidence interval.

Figure 9 presents the charts for the ASW sample for two values of the material coeffi-
cient, C = 1.9 and C = 2.1. Figure 10 shows the graphs for the HTW sample for two values of
the material factor, C = 2.3 and C = 2.5. Figure 11 presents the graphs for the DBW sample
for two values of the material factor, C = 2.3 and C = 2.6. Tables 5–7 show the calculation
results of the UTS mean value, standard deviation, median, and relative standard deviation
for the ASW, HTW, and DBW samples, respectively.
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(a) (b) 

Figure 9. Graph of the calculated UTS for the ASW sample with the adopted value of the material
factor at: (a) C = 1.9, (b) C = 2.1.

 
(a) (b) 

Figure 10. Graph of the calculated UTS for the HTW sample with the adopted value of the material
factor at: (a) C = 2.3, (b) C = 2.5.

 
(a) (b) 

Figure 11. Graph of the calculated UTS for the DBW sample with the adopted value of the material
factor at: (a) C = 2.3, (b) C = 2.6.
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Table 5. Analysis of the results of the analytical calculations of tensile strength for the ASW sample.

Material
Factor

Number of
Measure-

ments

UTS Average
[MPa]

Standard
Deviation

[MPa]

Median
[MPa]

Relative
Standard
Deviation

[%]

1.9 10 1492.2 62.3 1503.6 4.2
2.1 10 1350.1 56.4 1360.4 4.2

Table 6. Analysis of the calculation results of the tensile strength analysis for the HTW sample.

Material
Factor

Number of
Measure-

ments

UTS Average
[MPa]

Standard
Deviation

[MPa]

Median
[MPa]

Relative
Standard
Deviation

[%]

2.3 10 1088.6 62.8 1091.9 5.7
2.5 10 1001.5 57.8 1004.6 5.7

Table 7. Analysis of the results of analytical calculations of tensile strength for the DBW sample.

Material
Factor

Number of
Measure-

ments

UTS Average
[MPa]

Standard
Deviation

[MPa]

Median
[MPa]

Relative
Standard
Deviation

[%]

2.3 10 1026.9 13.8 1027.9 1.3
2.6 10 908.5 12.2 909.3 1.3

A comparison of the results of the experimental tests with the results obtained ana-
lytically shows that it is possible to use the hardness tests to determine the strength of the
material. The presented test results show that the average UTS values determined through
the hardness tests were within the accepted confidence intervals, as determined on the
basis of the results of the static tensile test. The different values of the C coefficient are due
to the effect of the relevant treatment that was applied and the resulting variable material
structure. In each of the presented cases, two extreme values of C were given, between
which the strength values are close to the experimental average value.

4.5. Analysis of the Material Microstructure Test

Figure 12 shows photos of the individual microstructures of samples made of the
Ti6Al4V alloy. Figure 12a,b show the microstructure of a printed sample in the as-built
condition, subjected to strength tests (AS specimen). Figure 12c,d show the microstructure
of a printed sample, subjected to heat treatment and after the tensile test (HT specimen).
Figure 12e,f show the microstructure of a sample made of a pulled bar after testing its
mechanical properties (DB specimen). Figure 12g shows the structure of the printed sample
in the as-built condition, without undergoing the tensile test (ASW specimen). Figure 12h
shows the microstructure before the strength tests of a heat-treated printed sample (HTW
specimen). Figure 12a,c,e,g,h show the microstructure in the gripping part (P1). Finally,
Figure 12b,d,f show the microstructure in the measuring part (P2).

The AS specimen is characterized by a clearly visible martensitic α′ phase structure
with a strongly acicular (needle-like) morphology. The grains are elongated in the z-
axis direction (the layer-building direction), indicating directional solidification during
processing. The α′ martensite forms as a result of the very rapid cooling that is inherent
to the additive manufacturing process and the absence of any subsequent heat treatment.
This microstructure is typical for as-built 3D-printed materials and is responsible not
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only for their very high hardness and tensile strength but also for their brittleness and
limited ductility. The observed fractures in the tensile-tested sample are consistent with
this interpretation—the material exhibits no significant plastic deformation before failure.
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Figure 12. Microstructure pictures of the Ti6Al4V alloy samples on the left and specific area on the
right: (a) AS specimen—P1, (b) AS specimen—P2, (c) HT specimen—P1, (d) HT specimen—P2, (e) DB
specimen—P1, (f) DB specimen—P2, (g) ASW specimen—P1, and (h) HTW specimen—P1.

In the case of the HT specimen, a more balanced mixture of α (matrix) and β (darker
regions) phases is visible, with grains that are less elongated and more equiaxed. The
reduced presence of acicular martensitic α′ indicates its decomposition as a result of
thermal exposure. Although the microstructure transformed toward a more ductile form,
the mechanical properties did not improve. This may be due to an excessive heat treatment
temperature (above the β-transus) or an insufficient holding time, which led to incomplete
stabilization of the α + β phases and degradation of the microstructure.

The DB specimen exhibits a homogeneous, fine-grained α + β structure that is typical
of plastically worked Ti6Al4V products. The α phase appears in plate-like or lamellar form,
uniformly distributed within the β matrix. The absence of a grain orientation suggests
isotropic mechanical behavior. This microstructure provides well-balanced mechanical
properties, combining good strength and ductility. Its uniformity forms a reliable basis for
predictive modeling and serves as a reference point for additively manufactured materials.

In the ASW specimen, which is microstructurally identical to the AS specimen but
has not been subjected to mechanical deformation, an intense presence of martensitic α′ is
also observed, with the grain structure aligned along the layer-building direction (z-axis).
The absence of deformation marks or residual stress indicators suggests an ‘undisturbed’
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material condition post-printing. This sample enables the evaluation of the isolated effect
of tensile testing. When compared to the AS specimen, the microstructural differences
are minimal, indicating that neither the HV test nor the tensile test significantly alters the
deep internal structure. However, both may influence the residual stress state and local
deformation characteristics (e.g., dislocation density).

The HTW specimen, which was printed and heat-treated similarly to the HT specimen
but was not subjected to tensile loading, exhibits a visibly α + β phase structure composed
of larger, less well-defined grains compared to the HT specimen. The absence of mechanical
deformation (tensile test) likely resulted in a lack of dynamic grain refinement. The presence
of a coarser microstructure may explain both the lower repeatability of hardness measure-
ments and a potential decrease in mechanical performance. This specimen suggests that
heat treatment alone may not be sufficient to optimize the material properties—controlled
cooling or additional mechanical processing steps might be necessary.

Table 8 presents a comparative summary of the specimens based on their resulting
microstructures. The as-built additively manufactured specimens (AS and ASW) exhibit a
characteristic martensitic α′ structure, which is responsible for high hardness and strength,
but also contributes to significant brittleness. Heat treatment (HT and HTW) leads to
decomposition of the martensite and the emergence of a more classical α + β phase mixture;
however, the effectiveness of this transformation depends strongly on the heat treatment
parameters. In the present study, the applied thermal processing did not significantly
improve the mechanical properties. The specimens made from drawn bar material (DB
and DBW) demonstrate the most predictable and balanced microstructure, serving as a
reference state for comparison.

Table 8. Microstructural and mechanical characteristics of titanium alloy specimens.

No. Specimen Technology
Heat

Treatment
Tensile Test

State
Microstructure
Characteristics

Dominant Phase
Features

Impact on
Mechanical
Properties

1 AS Specimen DMLS (3D
printing) None After tensile

testing

Martensitic α′,
needle-like, columnar,

Z-orientation

High hardness,
brittleness

Very high strength,
low ductility

2 HT Specimen DMLS Yes After tensile
testing

α + β, spheroidal,
decomposed martensite

Coarser grains, partial
transformation

Reduced strength
and ductility

compared to AS

3 DB Specimen Drawn bar None After tensile
testing

α + β, fine-grained,
lamellar, homogeneous

Dominant α phase,
regular

Good balance of
strength and ductility

4 ASW Specimen DMLS None Without
tensile testing

Martensitic α′, same as
AS, Z-orientation

Similar to AS, no
deformation

Baseline for
evaluating the effect

of tensile testing

5 HTW
Specimen DMLS Yes Without

tensile testing
α + β, larger grains than

in HT, less ordered
Weaker cohesion, less

homogeneous structure

Potentially lower
hardness, variable

strength

The lack of a noticeable influence of tensile testing on the macroscopic microstructure
of the samples indicates that the dominant factors modifying the internal structure are the
manufacturing method (additive vs. conventional) and the applied heat treatment, rather
than mechanical deformation during testing.

Both the AS specimen (after tensile testing) and the ASW specimen (untested) represent
the characteristic microstructure that is formed by the DMLS (direct metal laser sintering)
process. A common feature of these samples is the presence of the martensitic α′ phase,
forming a dense, acicular (needle-like) structure with a columnar arrangement aligned
along the z-axis—the direction of layer-wise additive manufacturing.

The α′ martensite forms as a result of extremely rapid cooling during the metal printing
process. It is a metastable phase that is hard and brittle. The directional grain alignment
leads to anisotropy in its mechanical properties. The lack of observable microstructural
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differences between the AS and ASW specimens suggests that tensile loading does not
significantly alter the overall grain morphology, although it may locally affect the stress
distribution and dislocation density.

The application of heat treatment in the HT and HTW specimens caused significant
changes in the material’s structure. The transformation of the α′ martensite into a classical
biphasic α + β microstructure is evident. The α grains exhibit a more rounded (spheroidal)
morphology, while the β phase appears between them in the intergranular regions.

Although this structure is typical of annealed titanium alloys, the analyzed samples do
not display full microstructural homogeneity, and the grains remain relatively coarse. The
HT sample, which underwent tensile testing, shows slightly more refined grains compared
to the HTW, suggesting that tensile deformation may have promoted partial microstructural
reorganization or activated dynamic recrystallization processes.

Despite the phase transformation, the mechanical properties of the HT and HTW
specimens deteriorated compared to the as-built condition, which could be attributed to
non-optimal annealing parameters, for example, an excessively high temperature leading
to overgrowth of the β phase.

The DB specimen (after tensile testing) represents a conventional microstructure that is
typical of plastically worked materials. It features a fine lamellar α + β structure, uniformly
distributed across the sample cross-section. The absence of preferential grain orienta-
tion indicates that the material is isotropic, which results in consistent and predictable
mechanical behavior.

Comparison of the microstructures in the P1 (grip section) and P2 (gauge section,
fracture zone) regions for selected Ti6Al4V specimens enables an assessment of the influence
of tensile loading on local structural changes in the material.

In the AS specimen (additively manufactured, without heat treatment), both P1 and
P2 reveal a distinct columnar martensitic α′ microstructure that is characteristic of DMLS-
fabricated materials in the as-built state. However, in region P2—the fracture zone—this
microstructure shows local disturbances: the acicular α′ phase is partially deformed and
disrupted, likely due to tensile stresses and local thermal effects during fracture. Subtle
changes in needle orientation and density suggest an increase in dislocation density and
the initiation of microcracks. These features indicate that although the overall phase com-
position remains unchanged, the tensile test introduces localized structural reorganization
in the fracture zone.

In the HT specimen (additively manufactured and heat-treated), region P1 displays a
balanced α + β microstructure with relatively uniform, spheroidal grains that are typical
of annealed titanium alloys. In contrast, region P2 exhibits greater irregularity, with
disrupted phase boundaries and a more scattered grain morphology. These changes may
indicate grain boundary motion or intragranular deformation induced by tensile loading.
In both the AS and HT specimens, it is evident that while tensile testing does not cause
phase transformation, it does affect the arrangement and integrity of the microstructure—
particularly in DMLS materials, where anisotropy and residual stresses are already present,
due to the layer-wise manufacturing process.

For the DB specimen (drawn bar, no heat treatment, and subjected to tensile testing),
the differences between P1 and P2 are significantly less pronounced than in the printed sam-
ples. Region P1 shows a classic fine lamellar α + β structure that is uniformly distributed
and with no preferential grain orientation, confirming the isotropy and homogeneity
of conventionally processed Ti6Al4V. In region P2 (the fracture zone), the same general
structure is preserved, although the local elongation of α lamellae and slight blurring of
phase boundaries can be observed—likely a result of tensile-induced strain and localized
stress concentration.

79



Materials 2025, 18, 3726

Compared to the printed specimens, the microstructural changes in region P2 of the
DB sample are more subtle, confirming the greater structural resistance of the conventional
material to tensile deformation. The drawn bar material exhibits high microstructural sta-
bility and resistance to localized damage, which translates into more favorable mechanical
properties and reduced scatter in terms of both the hardness and tensile strength results.

Microstructural analysis of the Ti6Al4V alloy specimens revealed significant differ-
ences resulting from the manufacturing method, the heat treatment, and the presence of
mechanical deformation. Samples produced via additive manufacturing (DMLS) in the
as-built condition were characterized by a needle-like, columnar martensitic α′ structure,
which promotes high hardness and strength but limits ductility and microstructural uni-
formity. The application of heat treatment led to a transformation into a biphasic α + β

structure; however, no significant improvement in mechanical properties was observed,
indicating the need for optimization of the annealing parameters.

In contrast, the microstructures of specimens prepared from the drawn bar material
exhibited the highest degree of homogeneity and stability, with a fine-grained α + β struc-
ture that is typical of conventionally processed titanium alloys, offering a favorable balance
between strength and ductility. The effect of tensile deformation on the microstructure was
marginal, primarily involving localized strain-induced modifications.

These findings confirm the critical role of microstructures in shaping the mechanical
performance of Ti6Al4V and highlight the importance of carefully selecting the manufac-
turing method and heat treatment parameters in the context of additive technologies for
titanium alloys.

5. Discussion

The results of our research confirm the effectiveness of the indirect method for es-
timating ultimate tensile strength (UTS) based on the Vickers hardness (HV) value in
Ti6Al4V alloy. However, the degree of agreement with the model largely depends on the
manufacturing technology and the structural state of the material. Samples printed using
the DMLS method in the as-built condition (AS) exhibited the highest strength and high
levels of hardness, corroborating the findings of Gong et al. [7], Vrancken et al. [23], and
Tammas-Williams et al. [24], who indicated the presence of a martensitic α′ structure and
grain orientation as the main factors contributing to increased hardness.

For those samples subjected to heat treatment (HT), surprisingly lower UTS and
elongation values were obtained compared to the as-built state. This result diverges from
the literature reports by Bermingham et al. [9] and Ahmed and Rack [25], wherein annealing
below the β-transus temperature led to improved ductility while maintaining moderate
strength. One potential cause is the use of an excessively high temperature, resulting in
grain coarsening and weakening of the phase boundaries.

Samples made from drawn bar (DB) material exhibited the lowest hardness and
strength but the highest ductility. This observation aligns with the results of Semiatin
et al. [26], Dieter [11], and Facchini et al. [27], who emphasized that conventional plastic
deformation yields a lamellar α+β microstructure and isotropic mechanical properties.
At the same time, this confirms the effectiveness of HV-UTS models for materials with a
homogeneous structure.

It was observed that samples not subjected to mechanical testing (ASW, HTW, and
DBW) had higher average HV values than their tensile-tested counterparts. A similar trend
was noted by Leuders et al. [8] and Maskery et al. [28], suggesting that static loading may
cause internal stress relaxation or local dislocation movement, thereby affecting the HV.

The analytically determined values (using the Cahoon model) for ASW, HTW,
and DBW, after accounting for factors C and n, were consistent with the empiri-
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cal results. A similar approach was employed by Tammas-Williams et al. [24] and
Prashanth et al. [12], who achieved high agreement in HV-UTS models for additively
manufactured Ti6Al4V structures.

Discrepancies between hardness and strength in the case of the HT samples indicate
that the microstructure (particularly a heterogeneous β phase) has a greater influence
than surface HV measurements. This is supported by studies from Frazier [29] and Ghi-
dini et al. [18], which suggest the need to account for texture, chemical segregation, and
residual stresses when developing predictive models.

The literature, including the work of Yadollahi and Shamsaei [13], indicates that
the implementation of machine learning models can accommodate data irregularities
and complex structural variables, potentially increasing prediction accuracy for heat-
treated materials. This concept is gaining traction, as seen in publications by Garmestani
et al. [30] and Tjong and Ma [31], wherein artificial intelligence supports the modeling of
metal properties.

Microscopic analysis confirmed the presence of typical martensitic α′ structures in the
AS/ASW and α+β in the DB/DBW. Similar observations were made by Vilaro et al. [32] and
Zhang et al. [33], emphasizing that the microstructure resulting from DMLS is characterized
by strong anisotropy, which influences the fracture mechanics and HV result dispersion.

Ultimately, this study confirms the validity of using HV measurements to assess the
quality of Ti6Al4V alloy, although there are still limitations stemming from microstructural
complexity. It is necessary to introduce corrections to HV-UTS models for heat-treated cases
or to apply hybrid methods that combine structural and mechanical data, as proposed by
Liu et al. [34] and Yan et al. [35].

6. Conclusions

This study evaluated the feasibility of indirectly determining the tensile strength of
Ti6Al4V alloy based on Vickers hardness measurements. The investigation was carried
out on specimens produced using both the additive manufacturing method (DMLS) and
drawn bar stock, in both the as-built condition and after heat treatment. Some specimens
were subjected to tensile testing, while others were used for hardness measurements and
microstructural analysis.

The results confirmed that a clear correlation exists between hardness and tensile
strength; however, this relationship is strongly dependent on the manufacturing method
and the structural state of the specimens. The highest tensile strength was achieved by
the as-built DMLS specimens (AS specimens), which featured a characteristic columnar
martensitic α′ structure. However, these specimens exhibited significantly reduced ductil-
ity, as evidenced by their low elongation values and brittle fracture mode. The heat-treated
specimens (HT specimens), despite their expected improvement in properties, showed a
decrease in both strength and ductility. This is attributed to the application of an exces-
sively high annealing temperature (above the β-transus) and the potentially ineffective
elimination of structural defects.

In contrast, conventionally manufactured specimens (DB specimens) exhibited the
lowest tensile strength but the highest ductility and the most homogeneous microstructure.
The resulting fine-grained α + β structure, with no preferential grain orientation, provided
stable and isotropic mechanical properties, making this material a reliable reference for
further hardness–strength correlation studies.

The hardness measurements revealed that those specimens not subjected to tensile
testing (ASW, HTW, and DBW) demonstrated higher average HV values than their tensile-
tested counterparts. This may suggest the influence of mechanical testing on the local
condition of the material—for example, surface work hardening or relaxation of the dis-

81



Materials 2025, 18, 3726

location network. The average hardness values obtained for the ASW, HTW, and DBW
samples were used to analytically estimate the tensile strength, using established mod-
els and selected material coefficients. These calculated values fell within the confidence
intervals determined from mechanical testing, confirming the usefulness of the indirect
estimation method.

Based on their analysis, it was found that there is a relationship between the strength
and hardness of the material and the selection of appropriate material factors. It was found
that the strength of a structural element that is produced with additive technology can
be determined without needing to use destructive tests, which is economically justified.
The analytically obtained results for material strength were comparable with the results
obtained for the static tensile test (they fell within the determined confidence interval).
For samples printed without heat treatment and not subjected to the static tensile test
(ASW) using the proposed analytical method, two material factors were determined:
C = 1.9 and C = 2.1. For printed samples that were not subjected to the static tensile test
(HTW), the material factors were C = 2.3 and C = 2.5. DBW samples were characterized
by the coefficients C = 2.3 and C = 2.6. All analyzed strength results were within the
confidence limits.

It should be emphasized, however, that the application of universal hardness–strength
correlation models (HV–UTS) may lead to significant predictive errors, especially with
heat-treated additively manufactured materials, where the microstructure tends to be
heterogeneous and the deformation mechanisms are complex. The variability in hardness
values and the limited improvement in mechanical properties after annealing highlight the
need to carefully select the heat treatment parameters—particularly temperature and dwell
time—ideally keeping them below the β-transus.

Microstructural observations confirmed that the dominant factors affecting both the
microstructure and mechanical performance are the manufacturing method and thermal
processing. Tensile testing induced only localized changes (e.g., in the fracture zone)
without substantially altering the overall phase composition. Therefore, when predicting
the tensile strength from hardness data, greater emphasis should be placed on the sample’s
structural features and processing history than on its mechanical load history.

In summary, the results demonstrate that hardness can serve as an effective indirect
indicator for estimating the tensile strength of Ti6Al4V, especially under controlled condi-
tions and in samples with uniform microstructures (e.g., in the as-built state or after plastic
deformation). For heat-treated or structurally complex materials, the accuracy of such esti-
mations may be limited and may require the calibration of local material coefficients or the
application of more advanced models (e.g., machine learning-based approaches). Despite
these limitations, the proposed method represents a viable alternative to conventional de-
structive testing, supporting efficient quality control in industrial applications—particularly
in the additive manufacturing of titanium alloys.
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Abstract

The objective of this study was to characterize austenitic stainless steel 310 produced by
Wire and Arc Additive Manufacturing (WAAM), addressing a gap in the literature re-
garding this alloy. Microstructural, chemical, and mechanical analyses were performed.
Optical and electron microscopy revealed a predominantly columnar grain structure with
characteristic tracks along the deposition direction. Point and mapping EDS analyses
indicated a homogeneous distribution of iron, chromium, and nickel; however, point mea-
surements suggested a possible underestimation of nickel, likely due to high relative error.
Tensile tests demonstrated anisotropic mechanical behavior, with yield strength meeting
standards at 45◦ and 90◦, but lower at 0◦. Ultimate tensile strength and elongation were
below conventional requirements, with a maximum elongation of 15% at 90◦. Additionally,
the sample exhibited a total porosity of approximately 0.89%, which contributes to the
reduction in mechanical properties, especially in the direction parallel to the deposition
tracks. Overall, the WAAM-produced 310 stainless steel presented a microstructure simi-
lar to hot-rolled and annealed AISI 310 steel, but with distinctive features related to the
additive process, such as mechanical anisotropy and microstructural directionality. These
limitations highlight the need for process optimization to improve mechanical performance
but reinforce the alloy’s structural potential in additive manufacturing.

Keywords: Wire and Arc Additive Manufacturing (WAAM); AISI 310 austenitic stainless
steel; tensile strength and ductility; microstructural characterization; optical emission
spectrometry (OES)

1. Introduction

Additive manufacturing (AM) represents a modern approach to producing complex
components through layer-by-layer construction [1–4]. AM has the potential to revo-
lutionize the global manufacturing and logistics landscape [5] by offering significantly
greater geometric freedom compared to conventional methods such as casting, forging,
and machining [6]. A promising example is Wire and Arc Directed Energy Deposition
(WA-DED) [7–9], also known as Wire and Arc Additive Manufacturing (WAAM) [10,11].

Materials 2025, 18, 3855 https://doi.org/10.3390/ma18163855
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This process has gained attention due to its high deposition rates [12] and suitability
for the fabrication of large-scale and geometrically complex components [13,14]. Its op-
eration resembles multipass welding [15], particularly regarding solidification behavior
and thermal cycles [16]. According to ASTM (American Society for Testing and Materials),
additive manufacturing is defined as a process of material consolidation to create objects
from three-dimensional models, typically through layer-by-layer construction, in contrast
to subtractive manufacturing techniques [17,18]. The use of metallic materials in AM
contributes to cost reduction and environmental impact mitigation by significantly saving
material and energy during production [19].

The manufacturing of stainless steels remains a relevant industrial challenge, particu-
larly due to the machining difficulty of these high-value austenitic alloys, caused by their
pronounced work hardening and low thermal conductivity [20,21]. Austenitic stainless
steels stand out for their unique combination of advantageous properties, such as high
strength at both elevated and cryogenic temperatures [22–24], rapid strain hardening,
excellent ductility, good energy absorption, and strong resistance to corrosion and envi-
ronmental degradation [25,26]. As a result, they are widely employed across sectors such
as petrochemical [27], gas turbines, automotive, medical, civil construction [28], marine,
offshore [29], and aerospace industries [30].

These alloys contain higher levels of chromium and nickel compared to conventional
ferrous alloys. Their specific chemical composition provides high tensile strength and
excellent oxidation resistance, enabling efficient use in applications up to approximately
1323 K (1050 ◦C) [31]. Numerous studies have investigated the relationship between
processing parameters, microstructure, and the properties of austenitic stainless steels,
aiming to leverage the economic and productive advantages of WAAM. However, most
investigations have focused on the 304, 308, and 316 series [32–47], whereas the austenitic
stainless steel 310, especially concerning its specific microstructural features and mechanical
anisotropy, remains underexplored.

The mechanical properties of austenitic stainless steel components produced via
WAAM are critical to ensuring reliable performance in safety-sensitive applications. Pre-
vious studies have highlighted several factors affecting these properties, including grain
structure [48–51], dendrite geometries [52], δ-ferrite phase presence [53], dislocation den-
sity [54,55], inclusions [56], and cracking [57–59]. According to Siddiqui et al. [60], other
relevant aspects include delamination caused by segregation between adjacent deposited
tracks [61] and geometric accuracy [62].

Although some studies have addressed the microstructure and defects such as mi-
crocracks and segregations [63], significant gaps remain in the detailed understanding of
the correlation between specific deposition conditions, cooling rates, and the anisotropic
mechanical behavior of WAAM-fabricated 310 stainless steel. This study differentiates
itself by providing an integrated and in-depth investigation of microstructural characteri-
zation using both optical and electron microscopy, combined with quantitative analysis of
mechanical anisotropy in multiple deposition orientations—areas still scarcely explored in
the literature.

Therefore, this study expands the knowledge on the behavior of WAAM-produced
310 stainless steel, providing quantitative data and comparative analyses that support
future process improvements and industrial applications of this material, contributing to
technological advancement in the additive manufacturing of high-performance stainless
steel alloys.
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2. Experimental Procedure

This study employed the WAAM process to fabricate austenitic stainless steel 310 com-
ponents. A wall measuring approximately 250 × 130 × 10 (mm) was produced. The
feedstock wire, supplied by Superfine, had a diameter of 1.2 mm. The manufacturing
system comprised a YASKAWA industrial robot (YASKAWA, São Paulo, Brazil) coupled
with a Lincoln Electric welding power source (Lincoln Electric, São Paulo, Brazil). Figure 1
illustrates the equipment setup used in the additive manufacturing process.

 

Figure 1. Industrial robot for additive manufacturing.

After the additive manufacturing of the material, no post-processing treatments or pre-
processing steps were performed on the austenitic 310 steel. Optical emission spectrometry
testing was conducted for chemical characterization. During deposition, each bead was
laid sequentially to form continuous tracks, ensuring proper overlap and consistent layer
height throughout the structure.

Wire and Arc Additive Manufacturing (WAAM) of austenitic stainless steel 310 was
successfully carried out using carefully selected operating parameters, namely, a voltage
of 19 V, a current of 165 A, a wire feed speed of 5.5 m/min, a torch travel speed of 300
mm/min, a shielding gas flow rate of 16 L/min, and a wire diameter of 1.2 mm. These
parameters resulted in an approximate power of 3.14 kW and a heat input (Equation (1))
of 627 J/mm, a value considered adequate to ensure proper interlayer fusion and a high
deposition rate of approximately 49 g/min (Equation (2)), without compromising the
geometric integrity of the built part.

Heat Input (J/mm) =
V × A × 60

Torch travel speed
(1)

where

• V = voltage (V).
• A = current (A).
• Travel speed (mm/min).
• Result in joules per millimeter (J/mm).

Heat Input =
19 × 165 × 60

300
= 627

J
mm

Deposition Rate (g/min): m = Area vw·ρ (2)

where:

• Area = πd2

4 = cross-sectional area of the wire (mm2).
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• d = wire diameter (mm).
• vw = wire feed speed (mm/min).
• ρ = density of stainless steel 310 = (7.9 g/cm3 or 0.0079 g/mm3) [26].
• m = deposition rate (g/min).

m = 49.1 g/min.
The process parameters used for fabricating the austenitic stainless steel 310 wall are

presented in Table 1.

Table 1. Parameters used for the additive manufacturing of austenitic stainless steel 310.

Variables Parameters

Voltage (V) 19

Current (A) 165

Gas flow rate (L/min) 16

Wire feed speed (m/min) 5.5

Power (kW) 3.135

CNC travel speed (mm/min) 300

Wire diameter (mm) 1.2

As shown in Table 2, the metallic wall was successfully fabricated using Wire and
Arc Additive Manufacturing (WAAM), exhibiting an average thickness of 10 mm and a
layer height of approximately 2.5 mm, which indicates good dimensional stability and
process control throughout the build. A total of 100 successive layers were deposited,
resulting in a wall height of approximately 250 mm, consistent with the vertical spacing
between layers and the intended geometry. This vertical growth rate per layer (2.5 mm)
falls within the expected range for high-deposition-rate processes such as WAAM and
reinforces the effectiveness of the selected parameters, particularly in terms of heat input
and interlayer fusion.

Table 2. Dimensions of the wall fabricated by additive manufacturing.

Variables Values

Average thickness (mm) 10

Average layer height (mm) 2.5

Number of deposited layers 100

Deposition time per bead (S) 26

Total active fabrication time (min) 43

Shielding gas argon (%) 100

The average deposition time per bead was 26 s, reflecting a relatively fast deposition
rate, a desirable feature in industrial processes aimed at high productivity. The total active
fabrication time was only 43 min, demonstrating the potential of the WAAM process for
the rapid and efficient production of medium-sized metallic components.

It is worth noting that the relationship between the total manufacturing time and
the number of layers suggests that the interpass time was minimal or even nonexistent.
This may warrant further microstructural evaluation, as consecutive thermal cycles can
influence columnar grain growth and the formation of undesirable phases in highly alloyed
materials such as 310 stainless steel.
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Overall, the results show that the applied parameters enabled efficient construc-
tion, with adequate dimensional control, high deposition rate, and low production time—
characteristics that highlight WAAM as a viable alternative for fabricating structural com-
ponents using corrosion- and heat-resistant stainless steels.

Figure 2 depicts the wall fabricated by additive manufacturing using a zig-zag bead de-
position strategy. The image also presents the tensile test specimens prepared for anisotropy
analysis, along with a sample designated for metallographic examination. The sample
detailed in Figure 2 for mechanical tensile testing follows the ASTM E8 standard [64].

Figure 2. Wall printed using the Wire and Arc Additive Manufacturing (WAAM) process with
310 stainless steel.

Subsequently, the edges of the wall were symmetrically trimmed, leaving a remaining
structure measuring 120 mm in length. This was performed to remove the inherent surface
waviness caused by the WAAM bead step effect [65].

The material used as the substrate was a 310 stainless steel plate with a thickness of
6.14 mm, 75 mm in width, and 150 mm in length. During the additive manufacturing
process, the deposition torch was positioned at 90◦ relative to the track deposition direction
(Y-axis).

2.1. Microstructural Characterization

Scanning electron microscopy (SEM) and energy dispersive spectroscopy (EDS) anal-
yses were performed using a Zeiss EVO MA 10 microscope (São Paulo, Brazil) operated
at 10 kV with a tungsten filament. To reveal the phases present in the samples, Vilella’s
reagent was applied for 180 s for both SEM and optical microscopy (OM) analyses. Optical
microscopy (OM) was conducted using an Olympus SC30 microscope (São Paulo, Brazil).
The samples were sectioned using a metallographic cutter, brand Struers (Milton, Aus-
tralia), model MESOTOM. Subsequently, the samples were extracted along the deposition
track and underwent grinding with different grit sizes (80, 120, 200, 320, 400, 600, and 1200).
After grinding, the samples were polished using a polisher, brand Fortel (Willenhall, UK),
model PFL, with Fortel alumina polishing suspension of 1-micron particle size diluted
in water.
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2.2. Tensile Testing

Tensile tests were conducted at a crosshead speed of 5 mm/min using an InterMetric
GR173 testing machine (São Paulo, Brazil) with a maximum capacity of 200 kN. The
specimens to be tested were machined using a ROMI U30 milling machine (São Paulo,
Brazil). After milling, to reduce the surface roughness, the specimens were subjected to
grinding using a Mello P36 surface grinder (São Paulo, Brazil). Following machining,
the specimens were cut according to the ASTM E8 standard using an AMADA FLC 3015
AJ laser cutting machine (Kanagawa, Japan). To evaluate the anisotropy of the WAAM-
processed material, tensile specimens were extracted in three orientations relative to the
deposition track direction: 0◦, 45◦, and 90◦. For each orientation, the tests were performed
in triplicate to ensure statistical reliability of the mechanical behavior assessment.

2.3. Optical Emission Spectrometry (OES)

For the optical emission spectrometry (OES) analysis, a BRUKER Q2 ION model
spectrometer (Billerica, MA, USA) was used, operating at a power of 400 Watts for 30 s.
The sample was initially sectioned using a metallographic cutter, brand Struers, model
MESOTOM. Subsequently, it was machined using a Romi U30 milling machine (São Paulo,
Brazil) and then ground with a Mello P36 surface grinder (São Paulo, Brazil) in order to
reduce surface roughness.

2.4. Characterization of Pore Distribution

The sample was initially prepared using a metallographic cutter from Struers, model
MESOTOM. The samples underwent a progressive grinding process using abrasive papers
with grit sizes of 80, 120, 200, 320, 400, 600, and 1200. Subsequently, the samples were
polished using a polisher from Fortel, model PFL, employing a Fortel alumina polishing
suspension with 1-micron particle size diluted in water. After the surface preparation,
the sample was analyzed using an Olympus SC30 optical microscope (São Paulo, Brazil),
without chemical etching, aiming exclusively to reveal the presence of pores. The quantifi-
cation of porosity was performed using the software PRECiV Pro 1.2, which enabled the
determination of the distribution and amount of pores in the sample.

3. Results and Discussion

3.1. Metallographic Analysis Using an Optical Microscope on 310 Austenitic Steel

The columnar grain growth observed in Figures 3 and 4 is typical of arc-based de-
position processes, due to the strong thermal gradient and the preferential solidification
direction [1]. This microstructure can induce anisotropy in the mechanical properties, as
supported by the tensile test results presented. The presence of grain boundary segre-
gations, suggested by contrast variations and EDS analyses, may negatively affect the
corrosion resistance and ductility of the material, as reported by [66,67].

Compared to other studies involving austenitic stainless steel fabricated by the WAAM
process [68–70], our results confirm that the thermal and cooling conditions during deposi-
tion are decisive for the resulting microstructure, highlighting the importance of precise
control of welding parameters to optimize component properties. In particular, recent
studies estimate that the cooling rates during WAAM of AISI 310 stainless steel can range
from approximately 200 to 1130 K/s, depending on the process parameters and geometry,
which is consistent with the refined and columnar dendritic structures observed in the
present study [1].
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Figure 3. Metallographic analysis of 310 austenitic stainless steel produced by Wire and Arc Additive
Manufacturing (WAAM) at 200× magnification.

 

Figure 4. Metallographic analysis of 310 austenitic stainless steel produced by Wire and Arc Additive
Manufacturing (WAAM) at 1000× magnification.

More specifically, microstructural analyses using optical microscopy and scanning
electron microscopy, focusing on the interlayer regions, revealed features that contribute
to the observed anisotropic mechanical behavior. These include localized porosity and
micropores along the interfaces between successive layers, partial lack of fusion between
adjacent weld beads, interlayer oxide films detected by compositional contrast and EDS,
localized microsegregation of elements, especially nickel depletion, and discontinuities
in dendritic grain boundaries formed during directional solidification. Additionally, the
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relatively uniform size of the columnar grains directly influences the observed ductile
fracture mode, promoting energy absorption and the formation of dimples on the fracture
surface. These interfacial and microstructural features act as critical points for crack
initiation and propagation, weakening mechanical cohesion and explaining the reduction
in tensile strength and ductility in samples tested parallel to the deposition direction.

3.2. Scanning Microscope Metallographic Analysis of 310 Austenitic Steel

The SEM micrograph of AISI 310 stainless steel produced by WAAM, presented
in Figure 5, reveals a relatively uniform matrix with the presence of microporosity and
localized granular agglomerates. These features are typical of the overlapping thermal
cycles and rapid solidification conditions inherent to arc-based additive manufacturing
processes. The presence of porosity and microstructural heterogeneity may compromise
the mechanical performance and durability of the component, particularly in corrosive
environments. Previous studies have shown that reducing porosity is closely associated
with the optimization of welding parameters, such as current, deposition speed, and bead
overlap [71].

 

Figure 5. SEM metallographic analysis of 310 austenitic stainless steel fabricated by Wire and Arc
Additive Manufacturing (WAAM).

The EDS analysis performed at Point 1 (Figure 6), located in a visually homogeneous
region of the matrix, identified the elements Fe (iron), Cr (chromium), Ni (nickel), Mn
(manganese), and Si (silicon), all consistent with the nominal composition of 310 stainless
steel. The prominent peaks of Fe, Cr, and Ni confirm that the analyzed matrix is pre-
dominantly an austenitic solid solution. However, the presence of Si at detectable levels,
although expected (as silicon acts as a deoxidizer and ferrite stabilizer), may also suggest
a certain degree of segregation during solidification. This behavior has been previously
reported in studies on stainless steels produced by WAAM, where thermal gradients and
constant reheating promote element partitioning between dendritic regions or along grain
boundaries [63,72–74]. Although the analyzed point was not directly located within such
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segregated zones, the slight increase in silicon and manganese suggests that even appar-
ently homogeneous areas may exhibit chemical composition fluctuations, which can affect
localized corrosion resistance and mechanical performance.

Figure 6. EDS analysis at point 1 for 310 austenitic stainless steel produced by Wire and Arc Additive
Manufacturing (WAAM).

The point EDS analysis conducted at Region 2 (Figure 7) revealed the presence of
key alloying elements characteristic of 310 stainless steel, such as iron (Fe), chromium
(Cr), and nickel (Ni), as well as manganese (Mn) and silicon (Si). The high Cr and Ni
contents are essential for stabilizing the austenitic phase and ensuring oxidation and
corrosion resistance at elevated temperatures [26,53]. The detection of Si, albeit at lower
intensity, may be associated with the use of deoxidizing elements during wire production
or with the formation of surface silicon oxide inclusions, which may be confirmed through
elemental mapping analyses. The observed surface texture, with contrast variations,
indicates potential microsegregation of alloying elements, especially Cr and Ni, among
different solidification regions. According to Scudino et al. [75] and Jin et al. [76], this
behavior is typical of WAAM processes, where multiple thermal cycles promote elemental
redistribution and the formation of zones with distinct metallographic morphologies.

Figure 8 presents the EDS analysis corresponding to Point 3. While Fe and Cr were
again identified as the predominant elements consistent with the austenitic matrix of the
alloy, a significant reduction in Ni concentration was observed. This discrepancy may
be attributed to the low excitation efficiency of Ni peaks under the analysis conditions,
the local surface topography, or more likely, to microsegregation or local nickel depletion
during solidification. Such behavior has been reported by Keller et al. [77] and Nedjad
et al. [78], who observed localized Ni depletion in specific regions of austenitic stainless
steels deposited by WAAM, with direct implications for phase stability. Despite the un-
certainty in Ni quantification at Point 3, the detection of Mn and Si in typical proportions
suggests that the austenitic matrix was generally preserved. Nevertheless, the chemical
heterogeneity observed, particularly in Ni distribution, may compromise intergranular
corrosion resistance and negatively affect local mechanical properties. These variations
highlight the need for complementary strategies, such as post-deposition heat treatments
and optimization of welding parameters, to reduce interlayer chemical gradients and
promote greater microstructural uniformity [79,80]. Therefore, the results obtained are
consistent with several studies in the literature that describe the metallurgical challenges
associated with the fabrication of stainless steels via the WAAM process. The observations
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confirm the presence of a typical austenitic microstructure; however, local compositional
variations and process-inherent defects such as porosity and segregation were also iden-
tified. These factors must be carefully considered during the design and qualification of
critical components manufactured through Wire and Arc Additive Manufacturing.

Figure 7. EDS analysis at point 2 for austenitic 310 stainless steel fabricated by Wire and Arc Additive
Manufacturing (WAAM).

Figure 8. EDS analysis at point 3 for austenitic 310 stainless steel produced by Wire and Arc Additive
Manufacturing (WAAM).

Figure 9 presents the elemental mapping obtained by energy-dispersive X-ray
spectroscopy (EDS) of the surface of AISI 310 austenitic stainless steel produced by Wire
and Arc Additive Manufacturing (WAAM), highlighting the distribution of chromium
(Cr), iron (Fe), and nickel (Ni). The analysis reveals a homogeneous distribution of the
main alloying elements within the mapped region, indicating good chemical uniformity at
the micrometric scale. Chromium, a key element in the formation of the passive film and,
consequently, in corrosion resistance, was uniformly dispersed across the analyzed area.
This suggests the absence of chromium-depleted zones, which could otherwise compromise
resistance to localized corrosion. Iron, the primary matrix element, also displayed a uniform
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distribution, supporting the structural stability of the alloy. Although the nickel mapping
showed slight intensity variations, no significant segregation or localized accumulation of
the element was observed. This observation aligns with the point EDS results, in which
nickel quantification yielded slightly underestimated values in some regions; however,
when viewed along with the mapping data, these deviations appear to result from local
analytical limitations rather than actual microsegregation.

 

Figure 9. Scanning electron microscopy analysis of austenitic 310 stainless steel fabricated by Wire
and Arc Additive Manufacturing (WAAM).

The observed compositional homogeneity indicates that, despite the intrinsic anisotropies
of the WAAM process, such as columnar textures or interlayer thermal gradients, the
deposition process ensured effective fusion and mixing between adjacent weld beads.
Similar findings were reported by Rahimi et al. [63,76], who demonstrated that, despite
the thermal complexities inherent to WAAM, the distribution of Cr and Ni remains stable
when process parameters are properly optimized. Therefore, the EDS mapping results
confirm the preservation of the austenitic matrix and the overall chemical uniformity of the
material, both of which are critical for the mechanical performance and corrosion resistance
of WAAM-deposited 310 stainless steel.

3.3. Mapping of Porosity in the Sample

Quantitative analysis of the micrograph revealed a total porosity of approximately
0.89% in the AISI 310 stainless steel sample produced by WAAM. Although this value falls
within the range commonly reported for Wire and Arc Additive Manufacturing processes,
its presence is not negligible and can significantly influence the mechanical behavior of the
material. The pores act as stress concentrators and potential crack initiation sites, especially
under tensile loading, contributing to the reduction in ductility and tensile strength. This
influence is particularly relevant in the longitudinal direction (0◦), where tensile test results
showed the lowest elongation (12.5%) and lowest yield strength (198 MPa). The non-
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uniform distribution of pores along the deposited layers can also intensify the anisotropic
characteristics observed, as pore morphology, orientation, and position relative to interlayer
boundaries affect each loading direction differently. Figure 10 illustrates the distribution of
pores in the analyzed region, reinforcing the microstructural heterogeneity introduced by
the WAAM process. Therefore, the porosity identified in this study can be considered a
contributing factor to the localized degradation of mechanical properties and the typical
anisotropy found in WAAM-produced components.

 

Figure 10. Porosity distribution in the sample produced by Wire and Arc Additive Manufactur-
ing (WAAM).

3.4. Optical Emission Spectrometry for the Chemical Characterization of AISI 310 Stainless Steel

The chemical composition of the AISI 310 stainless steel sample was determined by
optical emission spectrometry (OES), as presented in Table 3. The results confirm typical
contents for this type of steel, with approximately 26.70 wt.% Cr, 20.10 wt.% Ni, 1.32 wt.%
Mn, and the remainder predominantly composed of Fe (51.14 wt.%), in addition to minor
fractions of Si (0.476 wt.%), Mo (0.14 wt.%), and C (0.12 wt.%). This analysis was carried
out to quantitatively and reliably validate the data obtained from energy-dispersive X-ray
spectroscopy (EDS), which, due to its intrinsic limitations, may lack quantitative accuracy,
particularly for light or low-concentration elements such as nickel (Ni) and carbon (C).

Table 3. Chemical composition of the part made of AISI 310 stainless steel.

Elements Values

Carbon (C) 0.120

Silicon (Si) 0.476

Manganese (Mn) 1.320

Chromium (Cr) 26.70

Nickel (Ni) 20.10

Molybdenum (Mo) 0.140

Iron (Fe) 51.144
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In the specific case of Point 3 in the EDS analysis (Figure 8), although the austenitic
matrix was confirmed by the predominance of Fe and Cr, a significant reduction in Ni
content was observed. This discrepancy may be attributed to inefficient excitation of Ni
peaks under EDS conditions, to local surface topography, or more likely, to microsegregation
or localized nickel depletion during solidification, as previously reported in the literature
(Keller et al. [77]; Nedjad et al. [78]). When these EDS results are compared to those obtained
via OES, which indicate a bulk Ni content of approximately 20.10 wt.%, in line with AISI
310 specifications, it is possible to infer that the overall chemical matrix is preserved, while
the local variations detected by EDS reflect the layer-wise deposition characteristics of the
WAAM process, such as thermal gradients and partial remelting between adjacent tracks.

3.5. Mechanical Tensile Test on 310 Austenitic Steel

Figure 11 presents the tensile test results for AISI 310 austenitic stainless steel speci-
mens fabricated via WAAM, tested in three orientations relative to the deposition direction:
0◦, 45◦, and 90◦. The values shown correspond to the average of three specimens per
condition, highlighting the anisotropic mechanical behavior typically observed in com-
ponents produced by layer-by-layer additive manufacturing processes [81,82]. Samples
tested at 0◦, parallel to the deposition direction, exhibited the lowest tensile strength, with
average values around 320 MPa and reduced final elongation, suggesting that the interfaces
between successive layers act as weak zones.

 

Figure 11. Mechanical tensile test at 0◦, 45◦, and 90◦ of specimens fabricated by Wire and Arc
Additive Manufacturing (WAAM).

Microstructural analyses performed by optical microscopy (OM) and scanning elec-
tron microscopy (SEM), focused on the interlayer regions, revealed features that explain
this fragility, including localized porosity and micropores, partial lack of fusion between
adjacent beads, and localized elemental microsegregation, especially of nickel. Additionally,
discontinuities were observed in the grain boundaries of the dendritic columns formed
during directional solidification, constituting preferential sites for crack initiation and
propagation. These microstructural particularities act as critical points that compromise
mechanical cohesion and explain the lower strength and ductility in specimens tested
parallel to the deposition direction.
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This behavior is widely reported in the literature for metallic alloys produced by
WAAM, where lack of fusion or interlayer oxidation can compromise longitudinal cohe-
sion [83,84]. Conversely, specimens tested at 90◦, perpendicular to the deposition direction,
reached higher tensile strength values (up to 430 MPa) and exhibited elongations exceeding
15%, indicating greater structural integrity in the transverse direction. This improved
performance is attributed to the morphology of dendritic columns formed during di-
rectional solidification, which, in this orientation, provides greater resistance to crack
propagation [85].

Specimens oriented at 45◦ showed intermediate mechanical behavior in terms of both
ultimate tensile strength and elongation. This gradient of properties reinforces the impor-
tance of loading orientation in WAAM-fabricated structural components, as mechanical
anisotropy can impact the predictability of in-service performance. Despite the inherent
ductility of 310 stainless steel, the results clearly demonstrate that the final mechanical
performance is significantly influenced by the manufacturing direction. Similar findings
have been reported by Wang et al. [83], Rodriguez et al. [86], and Laghi et al. [87], who
showed that tensile strength and toughness can vary depending on the testing direction in
WAAM-produced parts. Therefore, for critical applications, especially those subjected to
multiaxial loading, proper control of component orientation relative to the load direction
is essential.

Table 4 summarizes the mechanical behavior of the WAAM-produced AISI 310 stain-
less steel in three different specimen orientations (0◦, 45◦, and 90◦) relative to the deposition
direction. A significant anisotropy is observed in the mechanical properties. The highest
yield strength (280 ± 5.13 MPa) was obtained at 45◦, while the lowest (198 ± 7.20 MPa)
occurred at 0◦, which is below the minimum standard requirement of 205 MPa for AISI
310 [88]. Ultimate tensile strength also varied with orientation, reaching a maximum of
430 ± 12.06 MPa at 90◦, but remaining below the nominal requirement of 520 MPa in all
positions. Elongation followed a similar trend, with the highest ductility (15 ± 1.69%) in
the 90◦ direction, although still significantly lower than the expected 40%. The standard
deviations observed, particularly in tensile strength and elongation, reflect the inherent
variability of the WAAM process and further support the evidence of anisotropy. These
results highlight the directional dependence of the mechanical performance in WAAM-
produced components, likely due to thermal cycling and microstructural variations inherent
to the process.

Table 4. Tensile test results.

Variables: Position 0◦ 45◦ 90◦

Yield strength (MPa) 198 ± 7.20 280 ± 5.13 269 ± 10.21
Ultimate tensile
strength (MPa) 320 ± 4.16 419 ± 12.66 430 ± 12.06

Strain (%) 12.5 ± 0.98 11.5 ± 2.72 15 ± 1.69

To provide additional context and support a broader comparison, Table 5 presents
tensile test results from previous studies involving different austenitic stainless steels
fabricated by WAAM, including alloys 304, 308L, and 316L. These data help frame the
performance of WAAM AISI 310 within the existing literature and emphasize the need to
understand alloy-specific responses and anisotropy patterns.
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Table 5. Tensile test results for different austenitic stainless steels produced by WAAM.

Reference Alloy Tested Orientations Ys (MPa) UTS (MPa) Elongation (%)

Gowthaman et al., 2023 [89]
(WAAM)

316L Horizontal (0◦) 302 576 35
Vertical (90◦) 295 469 39

Anand et al., 2023 [90]
(WAAM)

308L Horizontal (0◦) 364 548 38

Rani et al., 2022 [91]
(WAAM)

304 Horizontal (0◦) - 600 -
Vertical (90◦) - 597 -

ASM Handbook
1990 [92] (Sheet)

310 Horizontal (0◦) 240 570 40
Vertical (90◦) 240 600 46

ASM Handbook
1990 [92] (Forging)

310L Vertical (90◦) 260 585 54

Compared to the literature summarized in Table 5, the mechanical properties of the
WAAM-produced AISI 310 stainless steel in this study are generally lower, especially in
terms of elongation and ultimate tensile strength (UTS). While other austenitic stainless
steels such as 316L and 308L exhibit elongation values above 35% and UTS exceeding
540 MPa, the 310 alloy produced via WAAM in this study achieved a maximum elongation
of only 15 ± 1.69% and a UTS of 430 ± 12.06 MPa (in the vertical orientation).

Additionally, when comparing these results to the standard values reported for lami-
nated sheet and forged AISI 310 (ASM Handbook, 1990) [92], a similar trend is observed.
The sheet-processed AISI 310 exhibits yield strength (YS) of 240 MPa, UTS of 570–600 MPa,
and elongation of 40–46%, while the forged version of 310L shows even higher ductil-
ity, with elongation reaching 54%. In contrast, the WAAM-fabricated samples presented
YS ranging from 198 ± 7.20 MPa (0◦) to 280 ± 5.13 MPa (45◦) and elongation between
11.5 ± 2.72% (45◦) and 15 ± 1.69% (90◦).

This discrepancy may be related to several microstructural and processing factors, in-
cluding the presence of pores detected in the microstructural analysis, interlayer interfaces,
microstructural heterogeneities, and potential elemental segregation during solidification.
Furthermore, the limited and discontinuous presence of δ-ferrite, combined with clean γ-
dendritic grain boundaries, may contribute to localized ductility loss in specific orientations.
These results highlight the influence of alloy-specific solidification behavior and thermal
cycling in the WAAM process on the anisotropic mechanical response of the components,
indicating the need for further process optimization in the case of AISI 310.

4. Conclusions

Based on the results obtained in this study, it is concluded that the austenitic stainless
steel 310 manufactured via Wire and Arc Additive Manufacturing (WAAM) exhibits a
microstructure characteristic of directional solidification, with prominent columnar grain
morphology, dispersed porosity, and visible layer overlap marks. Energy-dispersive X-ray
spectroscopy (EDS), through point and mapping analyses, confirmed a global chemical
composition consistent with the standard alloy, showing a homogeneous distribution of Fe,
Cr, and Ni. However, a slight underestimation of nickel content was observed in specific
regions, likely due to local limitations of the point analysis, which highlights the importance
of mapping for a more representative and accurate compositional assessment. Optical
emission spectrometry (OES) was employed for quantitative validation of the overall
chemical composition, confirming a nickel content around 20.10 wt.%, in agreement with
the nominal composition of AISI 310 stainless steel. This complementary analysis reinforces
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the reliability of the chemical characterization and the preservation of the austenitic matrix,
despite the local fluctuations detected by EDS.

Tensile tests revealed anisotropic mechanical behavior, with lower strength and elonga-
tion in samples extracted parallel to the deposition direction (0◦), attributed to the presence
of interlayer interfaces, which may be weakened by lack of fusion or porosity. Specifically,
specimens tested at 0◦ presented the lowest yield strength (198 ± 7.20 MPa), ultimate tensile
strength (320 ± 4.16 MPa), and elongation (12.5 ± 0.98%). In contrast, the best mechanical
performance was observed at 90◦, with higher values of yield strength (269 ± 10.21 MPa),
tensile strength (430 ± 12.06 MPa), and ductility (15 ± 1.69%). These values, along with
the obtained standard deviations, indicate not only the directional dependence of me-
chanical properties but also the variability inherent to the WAAM process. The highest
yield strength (280 ± 5.13 MPa) was unexpectedly observed at 45◦, suggesting a complex
interaction between grain orientation and stress direction. This behavior is consistent with
the literature reports describing the influence of columnar grain orientation and the nature
of layer interfaces on the final mechanical response of components produced by Wire and
Arc Additive Manufacturing (WAAM).

Furthermore, the metallographic analysis performed without chemical etching al-
lowed the exclusive revelation of pores in the sample. The porosity quantification showed
a total value of approximately 0.89%. This porosity directly impacts the tensile test re-
sults, especially in samples with orientation parallel to the deposition, contributing to the
reduction in mechanical properties due to the presence of internal discontinuities.

Overall, the results confirm that AISI 310 stainless steel manufactured by Wire and
Arc Additive Manufacturing (WAAM) maintains chemical composition and mechanical
performance suitable for industrial applications, provided that its specific microstructural
features and mechanical anisotropy are properly considered in the design and structural
assessment of components subjected to multidirectional loading. The potential development of
residual stresses inherent to the WAAM process and their implications for dimensional stability
are also acknowledged and warrant further investigation. It is recommended to perform
X-ray diffraction (XRD) analyses for precise determination of the phases and crystallographic
structures present, as well as accelerated corrosion tests to evaluate the material’s resistance
under severe service conditions, aiming for a more comprehensive understanding of the
long-term performance of AISI 310 stainless steel components produced by WAAM.

When comparing the results obtained in this study with the values presented in
Table 5, it is observed that the mechanical properties of the 310 stainless steel produced
by WAAM were lower than those reported for similar austenitic alloys fabricated by the
same process, such as 316L and 308L, as well as lower than the properties of 310 steels
processed by conventional routes, such as rolling and forging. In particular, the ultimate
tensile strength and ductility showed reduced values, with a maximum elongation of only
15% in the 90◦ orientation. This difference can be attributed to the presence of interlayer
porosity, weak interfaces between deposited layers, microstructural heterogeneities, and
possible elemental segregation during solidification, which negatively affect mechanical
performance. A limitation of the present study is the absence of corrosion resistance and
high-temperature performance analyses, which are essential aspects for the industrial
application of the material. Therefore, future investigations should prioritize these topics to
broaden the understanding of the durability and reliability of 310 stainless steel produced
by Wire and Arc Additive Manufacturing.

Author Contributions: Conceptualization, A.C. and C.d.F.M.; methodology, H.C.C. and A.C.; soft-
ware, P.H.M.P.; validation, A.D. and C.d.F.M.; formal analysis, C.d.F.M. and J.C.; investigation, A.C.
and H.C.C.; resources A.D.; data curation, P.H.M.P.; writing—original draft preparation, A.C. and
H.C.C.; writing—review and editing, C.d.F.M. and J.C.; visualization, A.D.; supervision, C.d.F.M.;

100



Materials 2025, 18, 3855

project administration, A.D. and A.C.; funding acquisition A.D. and J.C. All authors have read and
agreed to the published version of the manuscript.

Funding: This research was funded by Fundação de Amparo à Pesquisa e Inovação do Estado de
Santa Catarina grant number Termo de Outorga Nº: 2021TR2276.

Data Availability Statement: The original contributions presented in this study are included in the
article. Further inquiries can be directed to the corresponding author.

Acknowledgments: The authors gratefully acknowledge the Centro Universitário UNISATC for
providing access to laboratory facilities that supported this research. The authors also thank the
Fundação de Amparo à Pesquisa e Inovação do Estado de Santa Catarina (FAPESC) for financial
support in the acquisition of equipment and materials essential to this study.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Rahimi, A.; Yazdizadeh, M.; Ara, M.V.; Pouranvari, M. CMT wire-arc additive manufacturing of 310 austenitic stainless steel:
Microstructure-properties relationships. J. Mater. Res. Technol. 2025, 35, 881–891. [CrossRef]

2. Moreira, É.A.; Bomfim, M.H.S.; Liberato, F.M. A evolução da fabricação: Comparação e sinergia entre manufatura aditiva e
subtrativa. Res. Soc. Dev. 2005, 14, e9114548869. [CrossRef]

3. Cunningham, C.R.; Flynn, J.M.; Shokrani, A.; Dhokia, V.; Newman, S.T. Invited review article: Strategies and processes for high
quality wire arc additive manufacturing. Addit. Manuf. 2018, 22, 672–686. [CrossRef]

4. Zhang, T.; Li, H.; Gong, H.; Wu, H.; Ahmad, A.S.; Chen, X. Effect of rolling force on tensile properties of additively manufactured
Inconel 718 at ambient and elevated temperatures. J. Alloys Compd. 2021, 884, 161050. [CrossRef]

5. Frazier, W.E. Metal Additive Manufacturing: A Review. J. Mater. Eng. Perform. 2014, 23, 1917–1928. [CrossRef]
6. Lee, J.; Lee, C.; Kim, D. Repair of damaged parts using wire arc additive manufacturing in machine tools. J. Mater. Res. Technol.

2022, 16, 13–24. [CrossRef]
7. Jeffus, L.F. Welding and Applications; Cengage Learning: Boston, MA, USA, 1997.
8. Zhang, C.; Li, Y.; Gao, M.; Zeng, X. Wire arc additive manufacturing of Al-6Mg alloy using variable polarity cold metal transfer

arc as power source. Mater. Sci. Eng. A 2018, 711, 415–423. [CrossRef]
9. Rodrigues, T.A.; Duarte, V.; Miranda, R.M.; Santos, T.G.; Oliveira, J. Current Status and Perspectives on Wire and Arc Additive

Manufacturing (WAAM). Materials 2019, 12, 1121. [CrossRef]
10. Campatelli, G.; Montevecchi, F.; Venturini, G.; Ingarao, G.; Priarone, P.C. Integrated WAAM-subtractive versus pure subtractive

manufacturing approaches: An energy efficiency comparison. Int. J. Precis. Eng. Manuf. Technol. 2020, 7, 1–11. [CrossRef]
11. Tabernero, I.; Paskuala, A.; Álvarezb, P.; Suárezcb, A. Study on Arc Welding processes for High Deposition Rate Additive

Manufacturin. In Proceedings of the CIRP Conference on Electro Physical and Chemical Machinin, Bilbao, Spain, 20 April 2018;
Volume 68, pp. 358–362.

12. Yan, L.; Chen, Y.; Liou, F. Additive manufacturing of functionally graded metallic materials using laser metal deposition. Addit.
Manuf. 2020, 31, 100901. [CrossRef]

13. Ferreira, C.; Schaeffer, L.; Daleffe, A.; Castelan, J.; Casagrande, H.; March, G.M.A. Hybrid Manufacturing Process and Hot
Forging: Preform Manufacturing Through Localized Melting Material Deposition Using UTP AF DUR 600 Wire. RGSA J. Soc.
Environ. Manag. 2025, 19, e012427. [CrossRef]

14. Casagrande, H.C.; Daleffe, A.; Ferreira, C.A.; Milanez, A.; March, G.; Schaeffer, L. Additive Manufacturing in the Forging Process:
Preform Manufacturing Through Localized Melting Material Deposition Using Low Carbon Wire. RGSA J. Soc. Environ. Manag.
2025, 19, e012422. [CrossRef]

15. Casagrande, H.C.; Daleffe, A.; Ferreira, C.; Fritzen, D.; March, G.; Castelan, J. Processo de fabricação de peças metálicas por
manufatura aditiva com fusão localizada de aços baixa liga. Open Sci. Res. 2023, 11, 997–1008.

16. Li, K.; Chen, W.; Gong, N.; Pu, H.; Luo, J.; Zhang, D.Z.; Murr, L.E. A critical review on wire-arc directed energy deposition of
high-performance steels. J. Mater. Res. Tecnol. 2023, 24, 9369–9412. [CrossRef]

17. Kumar, S.A.; Prasad, R.V.S. Chapter 2—Basic Principles of Additive Manufacturing: Different Additive Manufacturing Technolo-
gies. In Additive Manufacturing. A Tool for Industrial Revolution 4.0; Woodhead Publishing Reviews: Mechanical Engineering Series;
Elsevier: Amsterdam, The Netherlands, 2021; pp. 17–35.

18. ASTM international F2792-12A; Standard Terminology for Aditive Manufacturing Technologies. ASTM International: West
Conshohocken, PA, USA, 2012; pp. 918–928.

19. Uralde, V.; Veiga, F.; Aldalur, E.; Suarez, A.; Ballesteros, T. Symmetry and Its Application in Metal Additive Manufacturing
(MAM). Symmetry 2022, 14, 1810. [CrossRef]

101



Materials 2025, 18, 3855

20. Korkut, I.; Kasap, M.; Ciftci, I.; Seker, U. Determination of optimum cutting parameters during machining of AISI 304 austenitic
stainless steel. Mater. Des. 2004, 25, 303–305. [CrossRef]

21. Pixer, F.; Arnoldt, A.; Unger, M.; Scneider-Broskamp, C.; Bharadwaj, K.; Mayrhofer, F.; Gradinger, R.; Klein, T. On the viability of
in-situ alloying via process gas mixtures in wire arc directed energy deposition of austenitic stainless steel. J. Mech. Work. Technol.
2025, 337, 118738. [CrossRef]

22. Kou, S. Welding Metallurgy, 2nd ed.; John Wiley & Sons Incorporated: Hoboken, NJ, USA, 2003.
23. Lippold, J.C. Welding Metallurgy and Weldability; Ohio State University: Columbus, OH, USA, 2015.
24. Li, J.; Yi, M.; Wu, H.; Fang, Q.; Liu, Y.; Liu, B.; Zhou, K.; Liaw, P.K. Fine-grain-embedded dislocation-cell structures for high

strength and ductility in additively manufactured steels. Mater. Sci. Eng. A 2020, 790, 139736. [CrossRef]
25. Gardner, L.; Talja, A.; Baddoo, N.R. Structural design of high-strength austenitic stainless steel. Thin-Walled Struct. 2006, 44,

517–528. [CrossRef]
26. ASM Specialty Handbook: Stainless Steels; ASM International: Materials Park, OH, USA, 1994.
27. Sousa, J.M.B.A. Influência dos elementos de liga nos aços inoxidáveis duplex e superduplex utilizados na indústria do petróleo:

Uma revisão. Trabalho de Conclusão de Curso apresentado ao curso de Engenharia Metalúrgica do Departamento de Engenharia
Metalúrgica e de Materiais da Universidade Federal do Ceará. 2021. Available online: https://repositorio.ufc.br/bitstream/
riufc/60634/3/2021_tcc_jmbasousa.pdf (accessed on 27 June 2025).

28. Souza, V.P.; Labiapari, W.S.; Lins, V.F.C. Stainless steels as a solution for corrosion and erosion problems involving grains in
agribusiness sector applications. J. Mater. Res. Technol. 2024, 30, 5605–5621. [CrossRef]

29. Yadav, A.; Srivastava, M.; Jain, K. Design and fabrication of wire arc additive manufacturing setup and enhanced tailored
properties of dissimilar steel additively deposited by WAAM process. Estruturas 2025, 72, 108228. [CrossRef]

30. Blakey-Milner, B.; Gradl, P.; Snedden, G.; Brooks, M.; Pitot, J.; Lopez, E.; Leary, M.; Berto, F.; Plessis, A. Metal additive
manufacturing in aerospace: A review. Mater. Des. 2021, 209, 110008. [CrossRef]

31. Kanni, R.A. On High-Temperature Matersials: A Case on Creep and Oxidation of a Fully Austenitic Heat-Resistant Super-alloy
Stainless Steel Sheet. J. Mater. 2013, 1, 124649.

32. Liao, H.; Wang, Z.; Chi, P.; Zhang, B.; Ding, T.; Zhangc, Q. Evolutions of microstructure and mechanical property of 308L stainless
steel repaired by the local dry underwater wire arc additive manufacturing. Mater. Sci. Eng. A 2024, 898, 146365. [CrossRef]

33. Chamim, M.; Darmadi, D.B.; Purnowidodo, A.; Widodo, T.D.; Ismail, Z. Influence of the welding thermal cycle on δ-ferrite
evolution in the first layer of austenitic stainless steel (ASS) 308L produced by WAAM-GTAW. Case Stud. Therm. Eng. 2024, 64,
105489, Erratum in Case Stud. Therm. Eng. 2024, 64, 105575. [CrossRef]

34. Niu, F.; Bi, W.; Zhang, K.; Sun, X.; Ma, G.; Wu, D. Additive manufacturing of 304 stainless steel integrated component by hybrid
WAAM and LDED. Mater. Today Commun. 2023, 35, 106227. [CrossRef]

35. Andrade, D.G.; Tankova, T.; Zhu, C.; Silva, L.S.; Rodrigues, D.M. Mechanical properties of 3D printed CMT-WAAM 316LSi
stainless steel walls. J. Constr. Steel Res. 2024, 215, 108527. [CrossRef]

36. Vinoth, V.; Sathiyamurthy, S.; Natarajan, U.; Venkatkumar, D.; Prabhakaran, J.; Prakash, S.K. Examination of microstructure
properties of AISI 316L stainless steel fabricated by wire arc additive manufacturing. Mater. Proc. 2022, 66, 702–706. [CrossRef]

37. Chen, W.; Guo, S.; Xuan, Y.; Xu, J.; Li, S.; Fang, W.; Zhou, Q.; Wang, K. Influence of different deposition strategies on the
microstructure and mechanical properties of the laminated heterostructured material with ER130S-G HSS and 316 L SS fabricated
by WAAM. Mater. Charact. 2024, 210, 113838. [CrossRef]

38. Rezende, R.F.; Árias, A.R.; Lima, E.J.; Coelho, F.G.F. Pulsed GMAW-based WAAM–Influence of droplet detachment mode on the
geometry and mechanical properties of 308 L stainless steel. J. Adv. Join. Process. 2025, 11, 100286. [CrossRef]

39. Yadav, A.; Srivastava, M.; Jain, P.K.; Rathee, S. Microstructure transformations and improving wear resistance of austenitic
stainless steel additively fabricated by arc-based DED process. Def. Technol. 2024, 38, 194–204. [CrossRef]

40. Chen, Y.; Zhao, X.; Yang, B.; Liu, Y.; Liang, Y.; Li, Z.; Chen, C. Study on properties of 304 wire arc additive manufacturing stainless
steel TIG welded joints. Mater. Lett. 2024, 361, 136107. [CrossRef]

41. Sandeep, O.S.; Kuriachen, B.; Anantharam, G.S.; Eldose, K.K. Influence of microstructure on the anisotropic tribocorrosion
behaviour of WAAM-fabricated SS304L in marine environments. Tribol. Int. 2025, 209, 110668. [CrossRef]

42. Wang, L.; Xue, J.; Wang, Q. Correlation between arc mode, microstructure, and mechanical properties during wire arc additive
manufacturing of 316L stainless steel. Mater. Sci. Eng. A 2019, 751, 183–190. [CrossRef]

43. Ayan, Y.; Kahraman, N. Investigation of tensile and fatigue properties of an austenitic stainless steel part fabricated by WAAM.
Mater. Chem. Phys. 2024, 315, 128937. [CrossRef]

44. Yao, P.; Lin, H.; Wu, W.; Tang, H. Influence of Duty Ratio and Current Mode on Robot 316L Stainless Steel Arc Additive
Manufacturing. Metals 2021, 11, 508. [CrossRef]

45. Xiao, X.; Yin, Y.; Li, C.; LI, C.; Zhang, K. Influence of thermal behavior on microstructure evolution of TIG arc additive manufacture
for 316L stainless steel. Trans. Mater. Heat. Treat. 2020, 41, 97–105.

102



Materials 2025, 18, 3855

46. Zhang, H.; Huang, J.; Liu, C.; Ma, Y.; Han, Y.; Xu, T.; Lu, J.; Fang, H. Fabricating Pyramidal Lattice Structures of 304 L Stainless
Steel by Wire Arc Additive Manufacturing. Materials 2020, 13, 3482. [CrossRef] [PubMed]

47. Guan, K.; Wang, Z.; Gao, M.; Li, X.; Zeng, X. Effects of processing parameters on tensile properties of selective laser melted 304
stainless steel. Materials 2013, 50, 581–586. [CrossRef]

48. Zhang, D.; Prasad, A.; Bermingham, M.J.; Todaro, C.J.; Benoit, M.J.; Patel, M.N.; Qiu, D.; StJohn, D.; Qian, M.; Easton, M.A. Grain
Refinement of Alloys in Fusion-Based Additive Manufacturing Processes. Metall. Mater. Trans. 2020, 51, 4341–4359. [CrossRef]

49. Liao, H.; Kuang, Y.; Zhou, D.; Zhang, Q.; Wu, X.; Xu, L.; Wang, X.; Wang, Z. Achieving fine-grained structure with larger ferrite
fraction via local dry underwater WAAM to enhance corrosion behavior of 308 L stainless steel. Constr. Build. Mater. 2024,
457, 139510. [CrossRef]

50. Spinasa, A.; Weber, B.; Meng, X.; Zhang, R.; Nitawaki, M.; Gardner, L. Influence of process parameters on the physical and
material properties of WAAM steels. Constr. Build. Mater. 2025, 479, 141078. [CrossRef]

51. Belhadj, M.; Werda, S.; Kromer, R.; Darnis, P. Influence of operating parameters on the mechanical and geometric properties of
316L Stainless Steel structures fabricated by WAAM-CMT. Procedia CIRP 2025, 133, 585–590. [CrossRef]

52. Wang, F.; Chen, W.; Wang, D.; Hou, H.; Zhao, Y. Phase-field modeling and Experimental investigation for rapid solidification in
wire and arc additive manufacturing. J. Mater. Res. Technol. 2024, 28, 4585–4599. [CrossRef]

53. Gurol, U.; Kocaman, E.; Dilibal, S.; Koçak, M. A comparative study on the microstructure, mechanical properties, wear and
corrosion behaviors of SS 316 austenitic stainless steels manufactured by casting and WAAM Technologies. CIRP J. Manuf. Sci.
Technol. 2023, 47, 215–227. [CrossRef]

54. Bertsch, K.M.; Bellefon, G.M.; Kuehl, B.; Thoma, D.J. Origin of dislocation structures in an additively manufactured austenitic
stainless steel 316L. Acta Mater. 2020, 199, 19–33. [CrossRef]

55. Wang, G.; Ouyang, H.; Fan, C.; Guo, Q.; Li, Z.; Yan, W.; Li, Z. The origino f high-density dislocations in additively manufactured
metals. Mater. Res. Lett. 2020, 8, 283–290. [CrossRef]

56. Derekar, K.S. A review of wire arc additive manufacturing and advances in wire arc additive manufacturing of aluminium. Mater.
Sci. Technol. 2018, 34, 895–916. [CrossRef]

57. Mendez-Morales, M.; Jesus, J.S.; Branco, R.; Tankova, T.; Rebelo, C. Fatigue crack growth of untreated and heat-treated WAAM
ER70S-6 carbon steel. Int. J. Fatigue 2025, 198, 109008. [CrossRef]

58. Kun, L.; Ping, Y.; Sindo, K. Solidification Cracking Susceptibility of Stainless Steels: New Test and Explanation. Weld. Res. 2020,
99, 225–270.

59. Zhang, C.; Gao, M.; Zeng, X. Workpiece vibration augmented wire arc additive manufacturing of high strength aluminum alloy. J.
Mater. Process. Technol. 2019, 217, 85–92. [CrossRef]

60. Siddiqui, N.A.; Muzamil, M.; Jamil, T.; Hussain, G. Heat sources in wire arc additive manufacturing and their impact on
macro-microstructural characteristics and mechanical properties—An overview. Smart Mater. Manuf. 2025, 3, 100059. [CrossRef]

61. Vimal, K.E.K.; Srinivas, M.N.; Rajak, S. Wire arc additive manufacturing of aluminium alloys: A review. Mater. Today Proc. 2021,
41, 100059. [CrossRef]

62. Strano, G.; Hao, L.; Everson, R.M.; Evans, K.E. Surface roughness analysis, modelling and prediction in selective laser melting. J.
Mater. Process. Technol. 2013, 213, 589–597. [CrossRef]

63. Rahimi, A.; Yazdizadeh, M.; Ara, M.V.; Pouranvari, M. Strength and ductility of additively manufactured 310 austenitic stainless
steel via wire-arc directed energy deposition: The role of columnar grain growth and ductility-dip cracking. Mater. Sci. Eng. A
2025, 920, 147554. [CrossRef]

64. ASTM E8; Standard Test Methods for Tension Testing of Metallic Materials. ASTM International: West Conshohocken, PA,
USA, 2024.

65. Xiong, J.; Tzempelikos, A.; Bilionis, I.; Awalgaonkar, N.; Lee, S.; Konstantzos, I.; Sadeghi, S.; Karava, P. Inferring personalized
visual satisfaction profiles in daylit offices from comparative preferences using a Bayesian approach. Build. Environ. 2018, 138,
74–88. [CrossRef]

66. Felice, I.; Shen, J.; Barragan, A.F.; Moura, I.A.; Li, B.; Wang, B.; Khodaverdi, H.; Mohri, M.; Schell, N.; Ghafoori, E.; et al. Wire and
arc additive manufacturing of Fe-based shape memory alloys: Microstructure, mechanical and functional behavior. Mater. Des.
2023, 231, 112004. [CrossRef]

67. Alagha, A.; Hussain, S.; Zaki, W. Additive manufacturing of shape memory alloys: A review with emphasis on powder bed
systems. Mater. Des. 2021, 204, 109654. [CrossRef]

68. Ji, L.; Lu, J.; Liua, C.; Jing, C.; Fan, H.; Ma, S. Microstructure and mechanical properties of 304L steel fabricated by arc additive
manufacturing. In Proceedings of the 2017 International Conference on Electronic Information Technology and Computer
Engineering (EITCE 2017), Sibiu, Romania, 7–9 June 2017.

69. Sasikumar, C.; Oyyaravelu, R. Mechanical properties and microstructure of SS 316 L created by WAAM based on GMAW. Mater.
Commun. 2024, 38, 107807. [CrossRef]

103



Materials 2025, 18, 3855

70. Long, P.; Wen, D.; Min, J.; Zheng, Z.; Li, J.; Liu, Y. Microstructure Evolution and Mechanical Properties of a Wire-Arc Additive
Manufactured Austenitic Stainless Steel: Effect of Processing Parameter. Materials 2021, 14, 1681. [CrossRef]

71. Omiyale, B.; Ogedengbe, I.; Olugbade, T.; Farayibi, P. Corrosion Performance of Wire Arc Additive Manufacturing of Stainless
Steel: A Brief Critical Assessment. 3D Print. Addit. Manuf. 2024, 11, e572–e585. [CrossRef]

72. de Brito Neto, F.M.; Ferreira, M.O.A.; dos Santos, S.A.C.; Pereira, J.N.; Meza, D.L.C.; Ahmed, W.; Nossa, T.d.S.; Moreto, J.A.; Pinto,
H.C.; Arantes, V.L. Mechanical and corrosion behaviour of 316L stainless steel processed by wire arc additive manufacturing
(WAAM). Prog. Addit. Manuf. 2025, 10, 6453–6469. [CrossRef]

73. Chen, M.; Gong, Z.; Zhang, T.; Zuo, W.; Zhao, Y.; Zhao, O.; Zhang, G.; Wang, Z. Mechanical behavior of austenitic stainless steels
produced by wire arc additive manufacturing. Thin-Walled Struct. 2024, 196, 111455. [CrossRef]

74. Nagasai, B.; Malarvizhi, S.; Balasubramanian, V. Mechanical Properties and microstructural characteristics of wire arc aditive
manufactured 308L stainless steel cylindrical componentes made by gas metal arc and colda metal transfer arc welding processes.
J. Mater. Process. Technol. 2022, 307, 117655. [CrossRef]

75. Karlina, A.I.; Kondratyev, V.V.; Balanovskiy, A.E.; Astafyeva, N.A.; Yamshchikova, E.A. Porosity reduction in metal with hybrid
wire and arc additive manufacturing technology (WAAM). CIS Iron and Steel Review. 2024, 27, 91–95. [CrossRef]

76. Jin, W.; Zhang, C.; Jin, S.; Tian, Y.; Wellmann, D.; Liu, W. Wire Arc Additive Manufacturing os Stainless Steels: A Review. Materials
2020, 10, 1563.

77. Keller, T.; Lindwall, G.; Ghosh, S.; Ma, L.; Lane, B.M.; Zhang, F.; Kattner, U.R.; Lass, E.A.; Heigel, J.C.; Idell, Y.; et al. Application
of Finite Element, Phase-field, and CALPHAD-based Methods to Additive Manufacturing of Ni-based Superalloys. Mater. Sci.
2017, 139, 244–253. [CrossRef] [PubMed]

78. Nedjad, S.; Yildiz, M.; Saboori, A. Solidification behaviour os austenitic stainless steels during welding and directed energy
deposition. Sci. Technol. Weld. Join. 2023, 28, 1–17. [CrossRef]

79. Kotecki, D.J.; Lippold, J.C. Welding Metallurgy and Weldability of Stainless Steels; Wiley: Hoboken, NJ, USA, 2005.
80. Ettefagh, A.H.; Guo, S.; Raush, J. Corrosion performance of additively manufactured stainless steel parts: A review. Addit. Manuf.

2021, 37, 101689. [CrossRef]
81. Charmi, A.; Falkenberg, R.; Ávila, L.; Mohr, G.; Sommer, K.; Ulbricht, A.; Sprengel, M.; Neumann, R.S.; Skrotzki, B.; Evans, A.

Mechanical anisotropy of additively manufactured stainless steel 316L: An experimental and numerical study. Mater. Sci. Eng. A
2021, 799, 140154. [CrossRef]

82. Wang, H.; Jiang, P.; Yang, G.; Yan, Y. An Investigation of the Anisotropic Mechanical Properties of Additive-Manufactured 316L
SS with SLM. Materials 2024, 17, 2017. [CrossRef]

83. Wang, C.; Liu, T.G.; Zhu, P.; Lu, Y.H.; Shoji, T. Study on microstructure and tensile properties of 316L stainless steel fabricated by
CMT wire and arc additive manufacturing. Mater. Sci. Eng. A 2020, 796, 140006. [CrossRef]

84. Ajay, V.; Nakrani, J.; Mishra, N.K.; Shrivastava, A. Anisotropic fatigue crack propagation in wire arc additively manufactured
316L stainless steel. Int. J. Fatigue 2023, 177, 107976. [CrossRef]

85. Becker, T.H.; Kumar, P.; Ramamurty, U. Fracture and fatigue in additively manufactured metals. Acta Mater. 2021, 219, 117240.
[CrossRef]

86. Rodriguez, N.; Vázquez, L.; Huarte, I.; Arruti, E.; Tabernero, I.; Alvarez, P. Wire and arc additive manufacturing: A comparison
between CMT and TopTIG processes applied to stainless steel. Weld. World 2018, 62, 1083–1096. [CrossRef]

87. Laghi, V.; Palermo, M.; Tonelli, L.; Gasparini, G.; Ceschini, L.; Trombetti, T. Tensile properties and microstructural features of 304L
austenitic stainless steel produced by wire-and-arc additive manufacturing. Int. J. Adv. Manuf. Technol. 2020, 106, 3693–3705.
[CrossRef]

88. ASTM A276-13a; Standard Specification for Stainless Steel Bars and Shapes. ASTM International: West Conshohocken, PA,
USA, 2013.

89. Gowthaman, P.S.; Jeyakumar, S.; Sarathchandra, D.T. Experimental characteristics of 316L stainless steel thin wall processed in
wire-based arc additive manufacturing process. Inst. Mech. Eng. 2023, 239, 1712–1721. [CrossRef]

90. Anand, S.; Haldar, N.; Datta, S.; Das, A. Experimental investigation on microstructure and mechanical property of wire arc
additively manufactured SS308L built part. Sadhana 2023, 48, 1–20. [CrossRef]

91. Rani, K.U.; Kumar, R.; Mahapatra, M.M.; Mulik, R.S.; Swierczynska, A.; Fydrych, D.; Pandey, C. Wire Arc Additive Manufactured
Mild Steel and Austenitic Stainless Steel Components: Microstructure, Mechanical Properties and Residual Stresses. Materials
2022, 15, 7094. [CrossRef] [PubMed]

92. ASM Handbook, Volume 1. Properties and Selection: Irons, Steels, and High Performance Alloys Section: Publication Information and
Contributors; ASM international: Materials Park, OH, USA, 1990.

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

104



Article

Effects of Homogenization Heat Treatment on Microstructure
of Inconel 718 Lattice Structures Manufactured by Selective
Laser Melting

Lucia-Antoneta Chicos 1, Camil Lancea 1,*, Sebastian-Marian Zaharia 1, Grzegorz Cempura 2, Adam Kruk 2 and

Mihai Alin Pop 3

1 Department of Manufacturing Engineering, Transilvania University of Brasov, 500036 Brasov, Romania;
l.chicos@unitbv.ro (L.-A.C.); zaharia_sebastian@unitbv.ro (S.-M.Z.)

2 Faculty of Metals Engineering and Industrial Computer Science, AGH University of Krakow,
Al. Mickiewicza 30, PL-30 059 Krakow, Poland; cempura@agh.edu.pl (G.C.); kruczek@agh.edu.pl (A.K.)

3 Department of Materials Science, Transilvania University of Brasov, 500036 Brasov, Romania;
mihai.pop@unitbv.ro

* Correspondence: camil@unitbv.ro

Abstract

Inconel 718 is a nickel-based superalloy that has a wide range of applications in the
industries that require corrosion resistance or high-temperature resistance. It is well known
that parts display internal stresses, anisotropy, and alloying element segregation after the
selective laser melting (SLM) process. A homogenization heat treatment, which reduces
internal stresses and homogenizes the material structure, can resolve these shortcomings.
The present study focuses on the impact of this heat treatment on the microstructure of
the Inconel 718 material produced by SLM. The research results indicate that this heat
treatment improves both the material microstructure and mechanical performance by
lessening the microstructural inhomogeneities, dissolving the Laves phases, and promoting
grain coarsening. The findings of this study can contribute to the optimization of post-
fabrication strategies for Inconel 718 parts fabricated by SLM.

Keywords: Inconel 718; homogenization heat treatment; microstructure; selective laser
melting; Laves phase; δ phase; γ’ and γ” phases; post-fabrication optimization

1. Introduction

Inconel 718 (IN718) is a nickel-based alloy that was developed by Huntington Alloys
(which became part of Special Metals Corporation) for jet engines and gas turbines, because
of its excellent high temperature properties and corrosion resistance [1]. With the advent
of additive manufacturing technologies for metals, such as selective laser melting (SLM),
the manufacture of parts with complex geometries made of IN718 has become increasingly
popular. The use of SLM technology in manufacturing IN718 parts has led to the produc-
tion of high-performance materials while also allowing for the production of parts with
complex geometric configurations coupled with good mechanical properties [2–4]. IN718
is characterized by particularly good mechanical properties (high strength, good ductility,
large fatigue resistance), high corrosion resistance, and good thermal resistance [5–7]. These
special properties, coupled with moderate manufacturing costs, have led to the widespread
use of this material in various industries where resistance to high temperatures and oxida-
tion is crucial, such as the following: the aerospace industry (turbine elements, combustion
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chambers, and engine parts) [8–10], automotive (engine parts and exhaust systems) [11,12],
the oil and gas industry (valves and piping systems that operate in highly corrosive en-
vironments) [13], and nuclear industries [14]. Despite its advantages, the selective laser
melting (SLM) process has a notable drawback: the layer-by-layer deposition of molten
material generates extremely high temperatures followed by rapid cooling, resulting in
significant internal stresses and microstructural heterogeneities. This necessarily requires a
stress-relieving and homogenizing heat treatment aimed at strengthening the mechanical
characteristics of the material.

Compared to other metal alloys produced by SLM, such as alloys with high titanium
concentrations, IN718 presents numerous advantages, among which the most important are
its superior mechanical properties at high temperatures, lower cost, excellent weldability,
and welded joints that have a high resistance to cracking. This last attribute regarding
weldability makes it very suitable for additive manufacturing, which is quite comparable
to the welding process [15]. Furthermore, its excellent corrosion resistance, even in particu-
larly aggressive environments, increases the durability and longevity of the components
compared to conventional stainless steels or titanium alloys in similar conditions of use.
All these qualities make IN718 an extremely useful material for engineering applications
that require resistance to corrosion or high temperatures, which also confers long-term
reliability [13].

Despite the advantages offered by SLM, the rapid melting and solidification process
can lead to a columnar grain structure aligned along the build direction, along with
micro-segregation and Laves phase formation [16]. These non-equilibrium phases lead to
anisotropic mechanical properties and can significantly degrade mechanical properties,
reducing the material’s ductility and creep resistance, reducing overall performance.

Due to the specific SLM conditions, which include a series of high temperatures in the
material deposition area, followed by abrupt cooling, the appearance of microstructural
defects and internal stresses is unavoidable. For this reason, the parts produced by this
method must undergo homogenization and stress relief heat treatment to improve the mi-
crostructure and material properties. This heat treatment serves to mitigate the difficulties
outlined above by facilitating the diffusion of alloying elements and dissolving unwanted
precipitates [17]. Thus, after the heat treatment, a more uniform microstructure, as well as
better mechanical properties such as yield strength, tensile strength, and fatigue resistance,
is obtained. By reducing microstructural flaws and eliminating unstable phases, homoge-
nization heat treatment increases the long-term durability and mechanical performance of
IN718 parts. Recent studies have shown that homogenization heat treatment contributes to
grain recrystallization, lowers micro-segregation, and improves mechanical isotropy, result-
ing in good tensile strength, significantly increased ductility, and high thermal stability [18].
All of these enhancements will enable parts made of this material to function properly in a
variety of key applications across industries.

This study extends prior research [19] and aims to demonstrate, through detailed
analyses and both qualitative and quantitative evaluations, the impact of homogenization
heat treatment on the microstructural evolution of the IN718 alloy. Accordingly, high-
resolution characterization techniques were employed to investigate the microstructure
and chemical composition of the as-fabricated and heat-treated samples, including scanning
electron microscopy (SEM), Transmission and Scanning Transmission Electron Microscopy
(TEM and STEM, respectively), and energy-dispersive X-ray spectroscopy (EDS).

106



Materials 2025, 18, 4149

2. Materials and Methods

2.1. SLM Fabrication of Samples

All samples feature a lattice structure with dimensions of 250 × 250 × 250 mm. The
material of this study was gas-atomized IN718 alloy powder with spherical particles in a
diameter range from 10 to 45 μm [5,20]. The manufacturing process of the samples was
carried out at Nikon SLM Solutions AG in Lübeck, Germany.

The SLM process was carried out using an SLM 280HL system [21], equipped with
two 400 W yttrium fibre lasers and a build volume measuring 280 × 280 × 350 mm3.
The process parameters included a scanning speed of 900 mm/s, with a hatch distance of
120 μm and a layer thickness of 30 μm. For the directed energy deposition, the samples
were vertically oriented, and a continuous cross-snake hatch strategy was used on the
skin surface (Figure 1). The axis of deposition was parallel to the Z-direction according to
ISO/ASTM52921-13 [22]. The manufacturing process was conducted in an argon inert gas
environment, with a gas consumption rate of 2.5 L/min. The chemical composition of this
metal powder is listed in Table 1.

 

Figure 1. The geometry of the samples and the cross-snake manufacturing strategy [19].

Table 1. Chemical composition (in mass percent, wt%) of IN718 SLM ASTM F3055 powders used in
this research [5].

ASTM F3055/ASTM B637/AMS5664

Fe Ni Cr Ta+Nb Mo Ti Co Al Si Mn Cu C P S B

Min.
Bal.

50.00 17.00 4.75 2.80 0.65 0.20

Max. 55.00 21.00 5.50 3.30 1.15 1.00 0.80 0.35 0.35 0.30 0.08 0.015 0.015 0.006

2.2. The Heat Treatment of SAMPLES

IN718 samples subjected to SLM were heat-treated in the Nabertherm™ L-245K2ANL
Muffle Furnace with Flap Door (Nabertherm™, Nabertherm GmbH, Lilienthal (Germany)),
max temperature: 1200 ◦C. The samples were heat-treated according to the following
schedule, consistent with the industrial standard for casting IN718 [23,24]: homogenization
treatment at 1080 ◦C for 1.5 h followed by air cooling (AC); solution treatment at 980 ◦C for
1 h with subsequent air cooling; and double ageing consisting of 8 h at 720 ◦C with furnace
cooling (FC) at a rate of 55 ◦C/h down to 620 ◦C, followed by 8 h of air cooling. Figure 2
provides a graphical representation of the homogenization heat treatment schedule applied
to the specimens.

Cutting; mounting in resin; grinding with SiC abrasive papers of 600, 1200, and
2000 grit sizes; and polishing in a diamond suspension on a LaboPol (Struers, Ballerup,
Denmark) machine were all steps that were taken to get the samples ready for optical
microscopic and SEM examinations. In order to reveal the microstructure, the specimens’
surfaces were etched using Kroll’s reagent (90 mL H2O, 6 mL HNO3, and 3 mL HF) [25].
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Figure 2. Schematic diagram of homogenization heat treatment process [23].

A ZEISS Axio Imager optical microscope was used for optical microscopy (AIOM), and
a scanning electron microscope (SEM, Merlin Gemini II of ZEISS, Oberkochen, Germany)
equipped with an electron-dispersive spectrometer (EDS, Bruker Quantax 800, Ettlingen,
Germany) was utilized for SEM analysis. The elemental composition was measured by
energy-dispersive X-ray spectroscopy (EDS) [26]. The microstructure of the samples was
characterized using a ChemiSTEM system-equipped scanning transmission electron micro-
scope (STEM, Titan Cubed G2 60-300, FEI, Hillsboro, OR, USA) and a transmission electron
microscope (TEM, Tecnai G2 20 TWIN, FEI) [26]. Energy-dispersive X-ray spectroscopy
(EDS) mapping and STEM imaging with high-angle annular dark-field (HAADF) contrast
were employed to investigate structural features down to the atomic scale. Phase identifica-
tion was conducted using selected area electron diffraction (SAED) and further supported
by EDS microanalysis, which was also utilized for elemental composition analysis.

Java Electron Microscopy Software (JEMS) (https://www.jems-swiss.ch/, accessed on
20 July 2025) was used to evaluate the electron diffraction pattern [27].

The NEON CrossBeam 40EsB (ZEISS) was utilized in the focused ion beam (FIB)
technique to prepare the lamellae for TEM and STEM investigations. The procedure
described in reference [28] was employed to prepare the region of interest (ROI) and to
fabricate thin sections with a thickness ranging from 10 to 100 nm, as illustrated in Figure 3.
The cross-section of the samples included all of the lamellae needed for TEM and STEM
investigation (Figure 3).

 

Figure 3. Lamella for TEM examination.

3. Results and Discussion

To analyze the microstructure of the samples, before and after the heat treatment,
they were sectioned longitudinally and transversely (Figure 4) and then prepared for
microscopic investigation, using the above-described procedures.
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Figure 4. The sectioning planes of the IN718 samples subjected to SLM.

The microstructure of the as-fabricated IN718 subjected to SLM following examination
with the ZEISS Axio Imager optical microscope is shown in Figures 5a, 6a and 7a, where a
mixed-grain texture can be seen, which includes columnar grains, mainly oriented toward
the building direction, and fine grains having varied orientation, due to the temperature
gradient. In this regard, the columnar grains resulted from epitaxial growth in the centre of
molten pools, while the fine grains resulted from the material’s heating history, due to the
overlap of laser scanning at the edges of the molten pools [1]. Following the applied heat
treatment, the grains tended to grow up, and the scanning stripes on plane XY disappeared
after the heat treatment. The grain boundaries are clear now, and additional precipitations
were observed in the grains and along the boundaries, as shown in Figures 5b and 6b,
and Figure 7b. At a magnification scale of 50×, the δ phase cannot be seen because of its
small size.

Two sets of heat-treated and untreated samples were also examined through TEM
analysis to analyze the microstructure in detail. A lamella for TEM analysis is shown in
Figure 3 and was extracted from the cross-sections of both samples sets. When examining
the microstructure of the as-built samples, the same orientation of all dendrites can be
observed in Figure 8a. The particles with high Nb content, having a flower shape mor-
phology, can be seen in the γ’ phase. The particles with a fine granulation morphology,
with a high Fe content, make up the Laves phase, as shown in Figure 8b. The Laves phase
and γ’ phase precipitates in the cellular and columnar dendrites are a result of the SLM
manufacturing process.

Figure 5. Microstructure of IN718 samples subjected to SLM in longitudinal section: as-built (a) and
heat-treated (b).

109



Materials 2025, 18, 4149

  
(a) (b) 

Figure 6. Microstructure of IN718 samples subjected to SLM in transversal section: as-built (a) and
heat-treated (b).

 

Figure 7. Microstructure of IN718 samples subjected to SLM in transversal section: as-built (a) and
heat-treated (b) at higher magnification factor.

 

Figure 8. The microstructure of the IN718 as-built samples subjected to SLM in the longitudinal
section at a lower (a) and higher (b) magnification factor.
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A higher magnification of the microstructure, given by the SEM images, also reveals
the presence of elements that contribute to a decrease in the mechanical strength of the
as-built material, as shown in Figure 9. In this regard, besides the Laves phase (Figure 10a),
a significant dislocation density can also be observed (Figure 10b).

 

Figure 9. TEM microstructure analyses of the heat-treated IN718 samples subjected to SLM in the
longitudinal section.

 

Figure 10. The microstructure of the IN718 as-built samples subjected to SLM in the longitudinal
section at 200 nm magnification, Laves Phases (a) and dislocation density (b).

The Laves phase is harmful because it reduces the ductility of the material [28,29].
Therefore, the heat treatment is very important because it leads to the dissolution of this
phase. The homogenization heat treatment process increases the percentage of the γ’ and
γ” phases and also enhances the mechanical performance of the Inconel 718 superalloy
because these phases are strengthening phases.

After the homogenization heat treatment process, the Laves and γ phases transform
into γ’, γ”, and δ phases. In this regard, γ’ and γ” phases were detected within the TEM
analysis (Figure 9). In the same figure, the precipitation of the δ phase particles at the grain
boundaries can also be observed. To confirm the nature and type of these precipitates [30],
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EDX analysis for the as-built and heat-treated samples was performed, and the results are
shown in Figure 11.

 

Figure 11. TEM- SAED diffraction pattern of the heat-treated IN718 samples subjected to SLM in the
longitudinal section.

The diffraction results (Figure 11) show that the light grey phase in region A is Ni3Nb,
and the dark grey phase in region B is Ni, which verifies the conclusion of the above
analysis. In addition to the above-presented aspects, it should also be mentioned that the
structure obtained after the heat treatment is very similar to the Inconel 718 equilibrium
structure [30].

In the as-deposited state (as illustrated in Figure 8), the solidification process leads
to an enrichment in titanium (Ti), molybdenum (Mo), and niobium (Nb), leading to the
formation of TiN, NbC, and the Laves phase. The presence of a Nb-rich intermetallic Laves
phase harms the toughness and strength of the material [31]. After the heat treatment
(as shown in Figure 7), elemental redistribution occurs, resulting in the development of δ
phase needle-shaped formations, particularly in proximity to the partially dissolved Laves
phase (Figures 12b and 13). Additionally, the formation of the δ phase is associated with a
reduction in chromium (Cr) and iron (Fe) concentrations within the dendritic interphase
region [32].

Figure 13a shows the STEM-HAADF elemental analysis results for the major phases
of the as-built material, and Figure 12b shows the elemental analysis results for the major
phases after homogenization heat treatment.

Figure 13, Tables 2 and 3 present the quantitative results of EDX analysis, before
homogenization heat treatment, which shows a maximum ≈21% Cr and ≈21% Fe segre-
gation at the selected spots (data collected at nineteen different spots). Table 3 shows the
quantitative results of EDX analysis, after homogenization heat treatment, which shows
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a maximum ≈19% Cr and ≈17% Fe segregation at the selected spots (data collected at
nineteen different spots).

 

Figure 12. STEM-HAADF image of microstructure before (a) and after homogenization heat treatment
(b) and corresponding EDS spectral images showing chemical element distribution maps.

Table 2. STEM-EDX elemental analysis results for major phases before homogenization heat
treatment—mass percentages.

Zone No. Al-K Cr-KA Ni-KA Nb-KA Ti-KA Co-KA Fe-KA Mo-KA

1 1.35 22.14 50.08 3.72 1.23 0.38 18.38 2.72

2 1.35 20.18 52.86 2.84 1.02 0.37 18.84 2.55

3 2.47 20.01 51.83 3.28 1.14 0.37 18.36 2.55

4 1.55 20.18 52.77 2.72 0.9 0.37 18.98 2.54

5 1.54 20.48 51.96 2.59 0.81 0.37 19.72 2.52
6 1.33 21.24 50.62 2.15 0.7 0.35 21.19 2.42
7 1.5 20.4 52.28 2.92 0.97 0.37 18.94 2.62
8 1.96 20.15 52.22 2.95 1.07 0.38 18.72 2.56

9 2.55 20.06 51.67 3.32 1.18 0.37 18.25 2.59

10 1.37 20.53 52.88 2.3 0.75 0.36 19.45 2.36

11 1.2 16.13 46.82 16.33 2.18 0.34 12.74 4.26

12 1.42 15.96 47.24 15.59 2.32 0.35 12.97 4.16

13 1.27 15.98 46.02 17.03 2.35 0.35 12.76 4.23

14 1.4 18.88 51.1 7.21 1.74 0.3 16.27 3.09

15 1.05 15.87 45.05 18.38 2.11 0.32 12.75 4.47

16 1.08 15.53 45.94 18.13 2.12 0.37 12.7 4.03

17 1.34 15.36 46.39 17.86 2.17 0.37 12.52 4

18 1.22 15.96 45.36 17.49 2.61 0.32 12.8 4.23

19 1.4 17.83 49.46 10.68 1.98 0.36 14.56 3.73
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Table 3. STEM-EDX elemental analysis results for major phases after homogenization heat treatment—
mass percentages.

Zone No. Al-K Cr-KA Ni-KA Nb-KA Ti-KA Co-KA Fe-KA Mo-KA

1 5.93 19.28 50.48 12.44 0.81 0.51 5.71 4.84

2 3.92 19.18 48.74 4.27 1.63 0.99 17.5 3.78

3 3.99 19.04 48.69 4.26 1.71 1.02 17.45 3.84

4 4.01 19.14 48.81 4.23 1.6 0.99 17.45 3.78

5 3.92 19.1 48.81 4.21 1.64 1.02 17.52 3.79
6 4.08 19.33 48.79 4.03 1.57 0.99 17.55 3.66
7 4.1 6.19 52.36 14.17 1.72 1.03 17.62 3.82
8 3.57 2.24 54.09 20.39 3.45 0.96 12.28 3.03
9 4.62 10.6 53.74 19.91 3.46 0.96 3.67 3.03

10 4.95 9.97 53.41 20.81 3.63 0.88 3.34 3.02

11 4.55 9.98 51.25 20.21 14,01 0.78 9.22 4.01

12 4.14 9.14 42.32 17.44 13.31 0.88 8.65 4.12

  
(a) (b) 

Figure 13. STEM-EDX elemental analysis image for major phases before (a) and after homogenization
heat treatment (b).

After calculating the arithmetic averages of all mass percentages before and after heat
treatment for Cr and Fe, we obtain 18.57 vs. 13.6% Cr and 16.36 vs. 12.33% Fe. An analysis
of the mass percentages reveals a decrease in the concentrations of both iron and chromium
in the heat-treated samples. This observation confirms the formation of the δ phase [33–35].

4. Conclusions

This study demonstrates that homogenization heat treatment significantly enhances
both the mechanical properties and microstructure of the Inconel 718 material produced
by selective laser melting. To investigate this, the microstructures and precipitates of
the as-built and heat-treated Inconel 718 samples, fabricated via the SLM process, were
analyzed using optical microscopy (OM), scanning electron microscopy (SEM), and trans-
mission electron microscopy (TEM). The key findings and conclusions can be summarized
as follows:

114



Materials 2025, 18, 4149

- After heat treatment, the Laves phase generates a δ phase in the vicinity due to the
diffusion effect, and γ’ and γ” phases are also generated in the material structure.
These phases contribute to the enhanced mechanical performance of the Inconel
718 superalloy due to their strengthening effect.

- Optical microscopy confirms the need for heat treatment by revealing a columnar
dendritic structure caused by the rapid thermal cycles and radiative heat transfer in
the SLM process.

- The quantitative results of EDX analysis allow for a simultaneous and quantitative
original position statistical distribution analysis of different elements in the Inconel
718 alloy, before and after homogenization heat treatment. This analysis shows a
maximum ≈21% Cr and ≈21% Fe segregation, at the selected spots. After homoge-
nization heat treatment, the results of EDX analysis indicate a reduction in the mass
percentages of these elements, with a maximum segregation of approximately 19% Cr
and 17% Fe at the selected spots. These findings confirm the formation of the δ phase.

- A reduction in the mass percentages of these elements is further evidenced by the
calculation of the arithmetic averages of all mass percentages before and after heat
treatment. Specifically, the average mass percentages of Cr and Fe decrease from
18.57% to 13.6% and from 16.36% to 12.33%, respectively.

- Ageing heat treatment significantly enhances the microstructure and mechanical
properties of additively manufactured IN718 by promoting grain growth, dissolving
microstructural inhomogeneities, and reducing internal stresses.

The results presented in this study provide useful information for optimizing post-
fabrication strategies applied to Inconel 718 material fabricated by SLM. By analyzing
both the microstructural evolution and mechanical behaviour after heat treatment, the
study provides useful information regarding the selection of thermal treatments that can
improve the properties of the alloy. This is of particular importance because Inconel 718 is
widely used in applications where mechanical strength, thermal stability, and structural
homogeneity are of particular importance. Consequently, the results of this study can
contribute to the development of more efficient and reliable manufacturing workflows in
the field of additive manufacturing.
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Abstract

Bronze-steel bimetallic structures are structural components finding a growing application
in industrial sectors such as aerospace, power generation, and machinery. Recent legislation
on green economy and sustainable manufacturing is boosting industry to implement inno-
vative manufacturing processes and new metal alloys capable of lowering environmental
footprint by avoiding toxic substances. Laser Metal Deposition is a cost-effective Additive
Manufacturing technique for producing bimetallic components by limiting material waste
and reducing energy consumption. In this research work, the influence of the main LMD
process parameters on the final quality of CuSn11Bi3 coatings on C45 surfaces is analyzed.
The Cu-based powder is specifically designed and developed to reduce environmental
pollution and increase worker safety by avoiding the use of hazardous chemical elements.
The performed observations demonstrate that high-density (99.90%) and crack-free clads
are feasible by preventing melt pool dilution zones. Cu diffusion into the C45 substrate
deteriorates the structural integrity at the clad-substrate interface by inducing liquid metal
embrittlement cracking, whereas steel diffusion into the as-deposited clad promotes crack
propagation. High-density (up to 99.97%) and crack-free CuSn11Bi3 coatings are achieved
by using low specific energies (from 17 J/mm2 to 40 J/mm2) and reducing the Oxygen
content during sample manufacturing up to 0.02%.

Keywords: Laser Metal Deposition; Cu-based alloys; multi-material; chemical analysis;
bimetallic structure

1. Introduction

Bimetallic structures consisting of a steel bulk coated with pure or pre-alloyed cop-
per (Cu) are advanced structural components that are finding growing applications in
industrial sectors such as aerospace, machinery, and power generation [1–3]. Specifically,
copper-steel composites are conceived to take advantage of the joining of the dissimilar
thermal, chemical, and mechanical properties of their heterogeneous constituents, exhibit-
ing unprecedented performance not achievable by mono-material solutions in terms of
high mechanical strength, improved corrosion and cavitation resistance, low dynamic fric-
tion coefficient, and high thermal conductivity [4–7]. Examples of copper-steel bimetallic
components are bearing bushes, cooling staves, liquid pipelines, and hydraulic pumps [8].
Currently, the primary production method of such bimetallic components consists of cast-
ing pure Cu or Cu-based alloys on a pre-machined steel bulk, followed by heat treatments
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and a final step of machining to meet product requirements in terms of mechanical and tri-
bological properties, dimensional accuracy, geometrical tolerances, and surface roughness.
Despite the above fabrication method proving to be reliable in the production of high-
quality structural components, it exhibits several drawbacks in terms of limited achievable
part geometrical complexity, low process repeatability, high material waste, and high CO2

emissions. Moreover, recent stringent legislations concerning circular economy and sus-
tainable manufacturing (e.g., REACH Regulation [9]) are forcing the industry to renew its
workshops by embracing cutting-edge manufacturing technologies capable of managing
new metal alloys, ensuring high standards in the production of high-quality structural parts
with reduced resource consumption and lower pollution and carbon emissions [10–12]. Di-
rect Energy Deposition (DED) is a family of Additive Manufacturing (AM) techniques that
has proven to be a cost-effective alternative to casting for the fabrication of both Function-
ally Graded Materials (FGMs) [13–15] and high-quality functional surface coatings [16–19]
by decreasing the environmental impacts in terms of greenhouse gas emissions, scraps, and
raw material management. Among DED processes, powder-based Laser Metal Deposition
(LMD) is a recognized AM technique enabling an efficient optimization of the part design
through an advanced functionalization of the material gradient structure [20]. Compared
to Powder Bed Fusion (PBF), the LMD process fabricates metal parts layer upon layer by
means of local deposition of metal powder injected into a melt pool, which is created by a
constant interaction between a laser source and a metal surface [21]. When the laser moves,
the melt pool solidifies, and a solid metal bonding between the as-deposited material and
the underlying surface forms [22–27]. The capability to tailor the metal powder chemical
composition on-the-fly and the limited Heat Affected Zone (HAZ) generated during the
deposition process makes LMD a suitable and cost-effective manufacturing technique to
realize high-quality graded structures [28–31].

Several authors have analyzed the influence of LMD process parameters on the manu-
facturing of defect-free Cu depositions. The scientific community agrees that the realization
of high-density bulky features is feasible through LMD IR laser sources, but process opti-
mization remains critical and resource-intensive due to the high reflectivity of the involved
metal powder [32,33]. Moreover, an inert deposition chamber is required to prevent the
deterioration of the tribological properties of the as-built Cu coating due to O2 solubiliza-
tion, which forms Cu2O precipitates in the as-built microstructure [34]. Xiao et al. [35] were
successful in repairing a motor commutator by depositing Cu-based metal powder (Cu15Sn)
on a pure Cu surface via a blue laser. Compared to the base material, they achieved a
defect-free clad formation exhibiting a 2.22 times higher microhardness and 2.37 times
wear resistance under the testing conditions of dry friction and wear at room temperature,
proving that the final quality of the realized metallic components and the efficiency of the
LMD process increase when using Cu-based alloys instead of pure Cu or blue laser sources
instead of IR. Despite blue lasers ensuring enhanced deposition efficiency thanks to a
higher coefficient of energy absorption [36–38], their service life, beam quality performance
over time, and reliability are still one step behind IR systems, making blue thermal sources
not yet mature for industrial production.

When dealing with bronze-steel bimetallic composites, the LMD of Cu-based alloys
becomes even more challenging. Differences in the coefficients of thermal expansion,
disparity in the melting temperatures and cooling rates, diverse crystal structures, and
embrittlement phenomena undermine the structural integrity of the realized bimetallic
structure by introducing structural cracks and delamination [39,40]. Recent research has
focused on preventing the formation of detrimental defects, such as solidification crack-
ing along the as-deposited Cu grain boundaries and liquid metal embrittlement (LME)
cracks, by deploying a metallic interlayer between the two dissimilar metals [41]. Zhang
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et al. [42] demonstrated that defect-free bronze-SS304L bonding is achieved through a
Deloro 22 interlayer deposition. Moreover, Chen et al. [43] and Wang et al. [44] confirmed
that Nickel has an inhibitory effect on the formation of LME cracks in the steel substrate
when Cu-based alloys are deposited. Despite the above-mentioned advantages, the imple-
mentation of an interlayer is not always feasible at the industrial level due to the diffusion
of undesired chemical elements (e.g., Ni) into the as-deposited clad, which affects both the
tribological behavior, such as friction coefficients and wear/corrosion resistance, and the
thermal properties (e.g., thermal conductivity) of the Cu-based coating [45].

The objective of this research work is to characterize the influence of the powder-
based LMD process parameters on the final quality of CuSn11Bi3 depositions performed
on C45 surfaces to enable high-quality superficial coatings without the need for interlay-
ers. The Cu-based powder used in this experimental activity is a new lead-free bronze
alloy designed and developed to comply with the REACH regulation by ensuring high
mechanical performance and enhanced tribological properties for hydraulic industrial
applications [46]. The influence of laser power, axis speed, and plate preheating on the in-
ternal and chemical quality of as-built Cu-based clads is analyzed by assessing single track
cross-sections. Acceptable combinations of LMD process parameters ensuring high-density
and crack-free bronze depositions are used to realize single layers and assess the impact of
the deposition environment on the final structural integrity of the performed coating. The
achieved experimental results demonstrate that high-density CuSn11Bi3 depositions on C45
are achieved for low specific energies (i.e., ranging from 40 J/mm2 to 17 J/mm2), whereas
keyhole phenomena and LME cracking occur at high laser power. Crack formation and
propagation are avoided by preventing steel diffusion into the Cu-based clad and keeping
the content of Oxygen (O2) during material deposition below 0.02%. Section 2 deals with
the material and equipment involved in the experimental campaign execution and sample
analysis. Section 3 presents and discusses the achieved results. Finally, Sections 4 and 5,
respectively, introduce the main conclusions and future works.

2. Materials and Methods

2.1. Metal Material and LMD Equipment

The metal powder involved in the experimental campaign was a CuSn11Bi3 spherical-
shaped powder [46] designed and developed by Kugler Bimetal SA (Le Lignon, Switzerland)
for the manufacturing of advanced coatings for the hydraulic, power generation, and
aerospace sectors. The powder grain size ranged from 79.5 μm to 151.2 μm, and powder
tap density was 4.9 g/cm3 (see Figure 1).

The metal substrate was an 18 mm thick C45 steel disk (supplier: Brütsch/Rüegger
Metals AG (Regensdorf, Switzerland)) with a nominal diameter of 115 mm. The material
coupling was based on an industrial use case concerning a core component of a hydraulic
pump and consisted of a bulk of medium carbon steel coated with a Cu-based alloy to
ensure high mechanical strength in conjunction with enhanced superficial tribological
properties. Table 1 shows the chemical composition of both the CuSn11Bi3 powder and
the C45 disk, whereas Table 2 shows the main thermo-mechanical properties of the two
metallic materials.

Table 1. CuSn11Bi3 and C45 chemical composition (wt. %).

Material Chemical Composition

CuSn11Bi3 Bi: 3.00 Sn: 11.00 Ni: 2.00 max Cu: Bal.
C45 C: 0.45 Si: 0.40 Cr: 0.40 Ni: 0.40 Fe: Bal.
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Figure 1. CuSn11Bi3 powder particles: (a) particle shape and cross-section; (b) particle grain
size distribution.

Table 2. CuSn11Bi3 and C45 main thermo-mechanical properties.

Material
Bulk

Density at
20◦ C [g/cm3]

Yield Strength
[MPa]

Young Modulus
[GPa]

Thermal Expansion
Coefficient
[10−6 ◦C−1]

Solidus/Liquidus
Temperature [◦C]

CuSn11Bi3 8.94 220 105 18 778/985
C45 7.8 300 210 12 1460/1420

The LMD system was a three-axis Laserdyne 430 machine, Prima Power, Turin, Italy,
that consisted of a laser cutting machine retrofitted and adapted to perform the powder-
based LMD process (see Figure 2a). The system was equipped with a Convergent Photonics
CF1000 laser source, Convergent, France, featuring 1000 W maximum power, a nominal
laser spot of 1 mm, and a wavelength of 1070 nm. A heating plate designed and developed
by the Automation, Robotics, and Machines laboratory of SUPSI was implemented below
the sample clamping system to enable a maximum preheating temperature of 450 ◦C on the
substrate surface. Powder supply was ensured by a LENSTM Print Engine double-hopper
powder feeding system, Optomec, NM, USA, connected to a commercial Optomec® multi-
nozzle deposition head, Optomec, NM, USA (see Figure 2b). The inert gas used as a carrier
and shielding gas was Argon 4.6. To reduce the O2 content during the deposition process,
the building volume was enclosed by a high-temperature resistant polymeric film (see
Figure 2c), and the deposition chamber was filled with Argon to reach an O2 content below
0.02% before executing CuSn11Bi3 depositions.
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Figure 2. (a) Laserdyne 430 LMD system; (b) LMD deposition head; (c) enclosed deposition chamber.

2.2. Experimental Campaign

The experimental campaign consisted of two main phases: (1) the deposition and
characterization of linear CuSn11Bi3 tracks on C45 disks (see Figure 3a); the realization
and assessment of bidimensional coatings produced using suitable combinations of LMD
process parameters, ensuring high-quality linear CuSn11Bi3 depositions (see Figure 3b).

 
Figure 3. Performed CuSn11Bi3 depositions: (a) single tracks (STs); (b) circular layers (CLs).

The influence of the laser power (P), axis speed (F), and substrate preheating on the
final structural quality of 20 mm single linear CuSn11Bi3 depositions, i.e., single tracks
(STs), was analyzed by taking six levels for P, six levels for F, and two levels of substrate
preheating temperatures (see Table 3). The reason for choosing P ranging from 300 W to
800 W and F ranging from 300 mm/min to 1050 mm/min was for the following:

• Based on the results discussed in previous studies involving the same LMD sys-
tem [18,47], using a P lower than 300 W or an F higher than 1050 mm/min resulted in
unstable depositions featuring a lack of fusion.

• A maximum P level of 800 W was chosen based on Zhang et al. [48] and Kim et al. [49],
who suggested not exceeding an energy density threshold of 80 J/mm2 to prevent
keyhole formation. Given the high reflectivity of the Cu-based powder involved in
this study and the corresponding energy dispersion, the authors decided to overcome
the recommended threshold and set a maximum value of 160 J/mm2 to have a larger
overview of the iteration behavior between LMD parameters and material.

Three repetitions for each combination of process parameters were performed for
a total of 216 realized STs. To enable internal quality assessment, each realized sample
was cut by wire-EDM (see Figure 4a), and the resulting cross-sections were pre-polished
with SiC-coated paper (FEPA 120), polished with diamond particles of 6, 3, and 1 μm, and
finished with Oxide Polishing Suspension (OPS). A Zeiss Gemini 460 Scanning Electron
Microscope (SEM), Zeiss, Oberkochen, Germany, was used to characterize the structural
integrity of the clad cross-sections in terms of pores, cracks, and delamination. Specifically,
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porosity measurements were performed using the open-source ImageJ software v1.54p,
which was used to both compute the pore size and the percentage in the analyzed area.
After acquiring the ST cross-section with the SEM, the image was opened in ImageJ, the
pixels were calibrated based on the scale bar of the SEM image, and the pore size was
measured. The porosity percentage was calculated by determining the fraction of area
occupied by pores relative to the total using the “Analyse Particles” tool in the software.
Data analysis and representation were performed through Minitab Statistical Software v22
and Excel. The material diffusion and final chemical composition of the realized samples
were evaluated through Energy Dispersive X-ray (EDX) analysis performed using an EDX
Ultimax 100 system, Oxford Instruments, United Kingdom.

Table 3. LMD process parameters involved in ST depositions.

LMD Process Parameter Min. Value Max. Value Number of Levels Step Value

Laser power [W] 300 800 6 100
Axis speed [mm/min] 300 1050 6 150

Preheating [◦C] 20 345 2 -
Es [J/mm2] 17 160 - -
ρ [g/mm] 7 × 10−3 23 × 10−3 - -

Laser spot [mm] 1 - -
Powder feed [g/s] 0.116 - -

Stand-off [mm] 10.5 - -
Carrier [l/min] 4 - -

Shielding [l/min] 16 - -

Figure 4. Performed EDM cut positions for (a) single tracks (STs); (b) circular layers (CLs).

The manufacturing of bidimensional coatings, i.e., Circular Layers (CLs), was im-
plemented by using the combinations of process parameters resulting in crack-free and
high-density CuSn11Bi3 linear clads (see Table 4). CL fabrication was performed with and
without the implementation of a high-temperature resistant polymeric film (i.e., “enclosed”
and “open” deposition chambers, ensuring an O2 content of 0.02% and 21%, respectively) to
analyze the influence of two different environmental printing conditions on the structural
and dimensional quality of the performed coatings. Figure 3b shows the nominal size of
the realized coatings and the implemented offset contour deposition strategy by using 60%
ST overlapping. As performed for the linear CuSn11Bi3 depositions, each combination of
process parameters was repeated three times for a total of 36 realized CLs. The final quality
of the realized CLs was assessed in terms of layer final height, computed by averaging
16 equally spaced CL profiles traced radially through a Keyence ® VHX-6000 digital micro-
scope, Keyence, Japan, that involved 1.47 μm planar resolution and 0.2 μm vertical pitch
(see Figure 3b), and structural integrity by following the same methodology implemented
for SL and performing the wire-EDM cuts shown in Figure 4b.
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Table 4. LMD process parameters for CL printing.

P [W] F [mm/min] Preheating [◦C] O2 Content [%] Es [J/mm2] ρ [g/mm]

300 450 - 0.02/21 40 0.015
400 750 - 0.02/21 32 0.009
400 900 - 0.02/21 27 0.008
300 750 345 0.02/21 24 0.009
300 900 345 0.02/21 20 0.008
300 1050 345 0.02/21 17 0.007

3. Results and Discussion

3.1. CuSn11Bi3 ST Analysis

The performed SEM optical analysis demonstrates that the influence of the three
considered LMD input variables on the structural integrity of CuSn11Bi3 STs realized on
the C45 substrate is significant (see Figures 5–14). To properly evaluate the effect of the
LMD process parameters on the final quality of the as-deposited Cu-based material, the
specific energy, Es [J/mm2], the linear mass density, ρ [g/mm], and the net laser power
reaching the C45 substrate, Pnet [W], must be introduced. Es is defined as:

Es =
P

F × d
(1)

where d is the laser spot diameter (see Table 3). Es is a common LMD process parameter
used to describe the energy balance during the deposition process, and it is directly propor-
tional to laser power and inversely proportional to axis speed and laser spot. The linear
mass density provides a measure of the melt pool powder supply, and it is defined as:

� =
f
F

(2)

where f [g/s] is the powder feeding rate. Finally, Pnet is the amount of laser power that
reaches the metallic substrate net of energy losses due to heat powder absorption (Ppowder)
and laser scattering and reflection (Ploss) [50]. It is defined as:

Pnet = Pnom − Ppowder − Ploss (3)

where Pnom is the nominal laser power provided during the deposition process.

 

Figure 5. Influence of P on the structural integrity of CuSn11Bi3 STs.
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Figure 6. Steel diffusion on CuSn11Bi3 clad (a) and LME crack formation (b) for P = 800 W,
F = 300 mm/min.

 
Figure 7. EDX mapping showing LME cracks filled by Cu and Sn.

 
Figure 8. Band contrast image (left) and EBSD map (right) showing LME propagation along
grain boundaries.
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When no substrate preheating is involved, no melt pool penetration depth is observed
for P ranging between 300 W and 600 W (see Figure 5), meaning that most of the Pnom is
reflected and scattered by the powder flow exiting from the deposition nozzles. As a result,
the Pnet reaching the substrate is too low for melt pool formation, and the metal powder
particles melt while still in suspension, dropping onto the C45 surface without forming
any dilution zone. The observed phenomenon is in agreement with [51], where energy
dispersion due to scattering was demonstrated to reach up to 97% of Pnom for the LMD
of highly reflective spherical-shaped metal powder. By increasing P, substrate melting
occurs, and melt pool penetration depths up to 106 μm are observed (see Figure 6a). The
increased Es promotes the formation of dilution zones and the mixing between CuSn11Bi3
and C45, inducing the nucleation of LME cracks, which propagate into the steel substrate
(see Figure 6b). As discussed in [43], liquation cracks take place due to the diffusion of
molten Cu into the steel grain boundaries, which deteriorates the cohesion between grains
and entails a reduction in the minimum stress for intergranular cracking when high thermal
loads are applied. Figures 7 and 8 show LME cracking detected on the ST cross-section
realized with 800 W and 300 mm/min. At high P levels, the EDX map reveals Cu and Sn
diffusion within the observed crack (see Figure 7), which propagates into the C45 substrate
following grain boundary directions, as demonstrated by the EBSD map in Figure 8.

 

Figure 9. EDX point analysis performed on an LME crack and its surrounding area.

The diffusion of Cu into the steel substrate is also confirmed by the EDX point analysis
when a medium-high P is used (i.e., 600 W and 700W), which demonstrates the presence of
copper along C45 grain boundaries even when no LME cracks are observed on spectra 22,
23, and 24 of Figure 9.

The influence of P and F on the clad internal porosity is significant, as highlighted
by the Pareto chart (see Figure 10a). By moving from 300 W to 800 W, internal porosity
increases from 0.03% up to 6.50% on average (see Figure 10b), detecting pores with a
maximum size of 460 μm (see Figure 6). The strong increase in the internal porosity with
P values ranging from 600 W to 800 W is explained by the low melting point and the
high coefficient of thermal conductivity of the involved bronze alloy (see Table 2). Indeed,
assuming Ploss as a function of particle shape and optical material properties, for constant
axis speeds, an increase in Es induces an increment in the laser energy absorbed by the
powder particles as they overheat and evaporate, forming large gaseous cavities. The
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high cooling rates of the Cu-based material do not allow the vaporized metal to escape
from the melt pool, trapping the gas in the clad cross-section and forming keyholes, which
deteriorate the structural integrity of the as-built material.

Figure 10. Influence of P, F, and Es on the observed ST clad internal porosity for no substrate
preheating: (a) Pareto chart, (b) P and F main effect plots, (c) ST clad internal porosity vs. Es., (d) P
and F interaction plot.

 

Figure 11. 345 ◦C substrate preheating: Steel diffusion into the Cu-based clad (left), keyhole and
crack formation (right).

The pronounced impact of P on the internal porosity of the as-deposited clad and on
keyhole formation is further highlighted by Figure 10c. For constant Es (i.e., 40 J/mm2,
60 J/mm2, and 80 J/mm2), an increase in laser power results in a deterioration of internal
density, causing a strong keyhole formation for Es equal to or exceeding 80 J/mm2, as
confirmed by [48,49] and demonstrated by the high data variability shown in Figure 10c.
Indeed, keyhole is an unstable phenomenon that causes the formation of large and irregular
pores that significantly affect porosity measurement. As discussed in Section 2.2, having
performed a discrete measurement of the internal density of the as-deposited clad based
on EDM cuts and optical imaging, the same repetitions of process parameters can exhibit
very different internal porosities depending on the presence or absence of keyholes. This
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fact leads to a wide variability in the observed results for those combinations of process
parameters that involve medium-high laser power.

 

Figure 12. Influence of P, F, and Es on the observed ST clad internal porosity for 345 ◦C substrate
preheating: (a) ST clad internal porosity vs. Es., (b) Pareto chart, (c) P and F main effect plots, (d) P
and F interaction plot.

 

Figure 13. Substrate preheating of 345 ◦C: crack-free CuSn11Bi3 STs at 300 W.

Contrary to P, clad internal density increases with F (see Figure 10b,d). Moving
from 300 mm/min to 1050 mm/min, internal porosity decreases below 1.5% on average.
Moreover, by decreasing Es through an increase in axis speed (i.e., F ranging between
750 mm/min and 1050 mm/min), no keyholes are observed. Nevertheless, for 300 W, lack
of deposition occurs for ρ ranging between 7 × 10−3 g/mm and 9 × 10−3 g/mm as a result
of the low specific energy and reduced melt pool powder supply induced by the high LMD
axis speeds, degrading the structural integrity of the as-built clad.

In the case of no substrate preheating, high-quality and crack-free CuSn11Bi3 STs with
an internal density of 99.97% are obtained using 300 W in combination with F ranging
between 300 mm/min and 600 mm/min, and 400 W in combination with F ranging between
750 mm/min and 1050 mm/min (see Table 4).
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Figure 14. ST cross-section realized at P = 300 W and F = 750 mm/min: (a) EDX map; (b) EDX
point analysis.

The use of 345 ◦C of substrate preheating promotes large melt pool penetration depths
also for medium-low P levels, causing extensive steel diffusion into the as-built CuSn11Bi3
clad for P ranging between 400 W and 800 W (see Figure 11, left). As previously discussed,
the presence of dilution zones induces the nucleation of liquidation cracks at the CuSn11Bi3-
C45 interface, which, in this case, propagate along the clad cross-sections, significantly
deteriorating the structural integrity of the bimetallic deposition (see Figure 11, right).
The propagation of LME cracks is due to the diffusion of steel into the bronze alloy and
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the resulting reduced ductility of the as-built material, which breaks due to the residual
stresses formed by volumetric shrinkage during melt pool solidification and the different
thermal expansion coefficients between the substrate and the dilution zone during cooling.
In contrast to the case of no substrate preheating, keyhole phenomena are also observed for
400 W and axis speeds up to 900 mm/min, as confirmed by the presence of potato-shaped
pores with a size ranging between 80 μm and 270 μm (see Figure 11).

These findings indicate that substrate preheating promotes keyhole formation, ex-
tending the deterioration of internal clad integrity even at Es below 80 J/mm2. Notably,
as shown in Figure 12a, a high result variability exists even at Es equal to or exceeding
32 J/mm2 when 400 W is involved. Although P and F are still significant in affecting
pore formation and extension, for 345 ◦C of substrate preheating, the effect of axis speed
is predominant on laser power, as demonstrated by the Pareto chart in Figure 12b. By
increasing F up to 1050 mm/min, the formation of gas inclusions due to Cu vaporization is
reduced, although not prevented, observing a reduction of internal porosity from 20.76%
to 2.09% on average (see Figure 12c,d).

High-quality ST depositions are achieved for laser power of 300 W and axis speeds
ranging between 600 mm/min and 1050 mm/min (see Figure 13 and Table 4). EDX
chemical analysis confirms that for the LMD combinations of process parameters in which
no melt pool penetration depth occurs, no Cu diffusion into the C45 substrate is observed
(see Figure 14a), preventing LME crack formation and preserving the starting chemical
composition of the raw metal powder. The small amount of Cu observed in Figure 14b is
attributed to the secondary electron bounce back of the CuSn11Bi3 layer since a negligible
presence of Sn and Bi is detected.

3.2. CuSn11Bi3 Coating Analysis

The CLs produced using the LMD parameter combinations listed in Table 4 exhibited
no LME cracks at the CuSn11Bi3-C45 interface, achieving final actual heights ranging
between 0.162 mm and 0.530 mm. Cross-section analysis reveals internal densities higher
than 99.00%, achieving a minimum internal porosity when an inert deposition environment
is implemented in conjunction with 300 W, 750 mm/min, and 345 ◦C of substrate preheating
(see Table 5).

Table 5. CuSn11Bi3 CLs: detected internal porosity and actual height.

P [W] F [mm/min]
ST Overlap

[%]
Preheating

[◦ C]

Internal Porosity [%] CL Actual Height [mm]
O2 = 21% O2 < 0.02% O2 = 21% O2 < 0.02%

300 450 60 - 0.45 0.15 0.530 0.336
400 750 60 - 0.51 0.99 0.307 0.215
400 900 60 - 0.66 0.53 0.262 0.162
300 750 60 345 0.82 0.03 0.432 0.315
300 900 60 345 0.83 0.2 0.315 0.245
300 1050 60 345 0.67 0.67 0.246 0.190

Nevertheless, structural cracks are observed in the Cu-based clad when CLs are re-
alized in an open deposition chamber (see Table 6 and Figure 15a). The detected cracks
initiate from the external surface of the realized sample and propagate into the bulk, de-
grading the structural integrity of the as-built material (see Figure 15b). On the contrary,
samples realized with an enclosed deposition environment exhibit crack-free cross-sections,
meaning that the reduction of O2 content in the LMD process improves the structural
integrity of CuSn11Bi3 coatings. The reason for sample degradation is related to the high
chemical reactivity of Cu and Bi with O2 at high temperatures. When LMD is performed
in an open deposition chamber, the molten bronze alloy reacts with O2, forming a surface

130



Materials 2025, 18, 4368

oxide layer that, due to its brittle mechanical behavior, is inclined to break when subjected
to the thermal cycles, promoting crack formation and propagation. On the contrary, by
limiting the content of O2 below 0.02%, oxidation is reduced, and crack formation is pre-
vented. Figure 16 compares a coating realized with and without the use of an enclosed
deposition environment, whereas Figure 17 shows both the EDX map and EDX point anal-
ysis performed on the structural cracks observed in CL realized at P 300 W, F 750 mm/min,
and an open deposition environment. Chemical analysis reveals a high presence of O
inside the observed crack and along the crack edges, confirming that significant oxidation
forms when the Cu-based coating is realized with 21% O2 content (see Figure 16a). On
the contrary, for an O2 content < 0.02%, superficial oxidation is strongly reduced, and the
realized coating appears glossy (see Figure 16b).

 

Figure 15. Structural cracks observed on CuSn11Bi3 CL realized at P300W, F900mm/min: (a) external
surface; (b) cross-section.

 

Figure 16. CuSn11Bi3 CL realized with P 300 W, F 900 mm/min, and 345 ◦C preheat: (a) 21% O2

content; (b) 0.02% O2 content.

Table 6. Structural cracks observed in the realized CuSn11Bi3 CLs.

P [W] F [mm/min]
ST Overlap

[%]
Preheating

[◦C]

Structural Cracks
O2 = 21% O2 < 0.02%

300 450 60 - Yes No
400 750 60 - No No
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Table 6. Cont.

P [W] F [mm/min]
ST Overlap

[%]
Preheating

[◦C]

Structural Cracks
O2 = 21% O2 < 0.02%

400 900 60 - No No
300 750 60 345 Yes No
300 900 60 345 Yes No
300 1050 60 345 Yes No

Figure 17. Structural cracks observed in the CL cross-section realized at P 300 W and F 750 mm/min
in an open deposition environment: (a) EDX map; (b) EDX point analysis.
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4. Conclusions

In this research work, the influence of the LMD process parameters on the manufac-
turing of high-density, crack-free CuSn11Bi3 depositions on C45 surfaces is analyzed by
characterizing the influence of laser power, axis speed, substrate preheating, ST overlap-
ping, and environmental printing conditions in terms of O2 percentage inside the building
chamber on the final structural integrity of single circular layers. Figure 18 summarizes the
evolution of the observed internal defects in relation to the levels of Es and substrate pre-
heating involved in the experimental campaign. The main experimental outputs highlight:

• High-density (>99%) and crack-free CuSn11Bi3 clads on C45 are achieved through
specific energy ranging between 17 J/mm2 and 40 J/mm2;

• The employment of high energy densities (Es > 40 J/mm2) degrades the structural
integrity of the as-deposited material, inducing keyholes and LME cracks as a result
of Cu diffusion along steel grain boundaries;

• The use of high laser power (ranging from 500 W to 800 W) and of substrate preheating
produces large dilution zones and steel diffusion into the Cu-based clad, promoting
brittle mechanical behavior of the as-deposited material and the propagation of struc-
tural cracks into as-built ST cross-sections;

• In crack-free depositions, no Cu diffusion into the C45 substrate is observed;
• In CL fabrication, no delamination is detected regardless of the use of substrate preheating;
• In Cu-based LMD, an enclosed deposition environment improves the final quality of

the as-built coating by inhibiting material oxidation and preventing the formation of
internal cracks that degrade the structural integrity of the deposition;

• Based on the achieved results, LMD demonstrates the capability of realizing thicker
high-quality coatings compared to electroplating, ranging from 0.162 mm to 0.530 mm,
which makes this AM technology more efficient in manufacturing bimetallic parts for
the hydraulic, power generation, and aerospace sectors;

 
Figure 18. Diagram showing the evolution of the observed internal defects with regard to the
involved Es and substrate preheating.

133



Materials 2025, 18, 4368

• In addition, despite Thermal Spraying (TS) being a competing technology for coating
manufacturing, the high susceptibility of Cu-based alloys to form oxides and the
moderate porosity typically featured by TS make process optimization challenging for
the manufacture of defect-free Cu-Steel bimetallic components. On the contrary, the
possibility of implementing inert deposition chambers and internal densities higher
than 99% increases LMD attractiveness at the industrial level.

5. Future Works

Based on the main experimental findings, the next research activities will be related
to (a) the characterization of the tribological properties of the as-built CL coating and
(b) the optimization of the LMD process for the manufacturing of CuSn11Bi3 multi-layer
depositions to enable thicker Cu-based depositions. Indeed, steel components coated with
Cu-based materials generally exhibit a coating thickness exceeding 1 mm; therefore, it is
essential to achieve coatings with a greater thickness than those measured on the CLs. To
address this limitation, future efforts should focus on investigating how the alteration of
the chemical and optical properties of the deposited material—resulting from the prior
deposition of copper-based layers—affects the performance of the LMD process and the
final coating quality. Structural characterizations, including porosity analysis, mechanical
testing, and residual stress measurements, will be performed, and the follow-up activities
will be extended to industrial use cases.
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Abstract

This study addresses the technical challenges of cracking and surface crack initiation in Ni60
alloy cladding layers fabricated by laser cladding additive manufacturing on FeMnNiSi
alloys. An innovative FeMnNiSi-Inconel625-Ni60 laminate design was proposed, achieving
metallurgical bonding of the dissimilar materials through an Inconel625 transition layer.
This effectively addresses the interfacial stress concentration issue caused by differences
in thermal expansion coefficients in conventional processes. The results demonstrate
that the interfacial microstructure is regulated by synergistic Nb-Mo element segregation,
promoting the precipitation of γ′′ phase and the formation of a nanoscale Laves phase.
This phase not only inhibits carbide aggregation and growth, refining grain size, but also
deflects crack propagation paths by pinning dislocations, achieving a dual mechanism
of stress reduction and crack arrest. The Ni60 cladding layer in the laminated structure
exhibits an average surface microhardness of 641.31 HV0.3, 3.88 times that of the substrate
(165.22 HV0.3), while the Inconel625 base layer shows 340.71 HV0.3, 2.06 times the substrate’s
value. Wear testing reveals the laminated cladding layer has a wear volume of 0.086 mm3

(0.243 mm3 less than the substrate’s 0.329 mm3) and a wear rate of 0.86 × 10−2 mm3/(N·m),
73.86% lower than the substrate’s 3.29 × 10−2 mm3/(N·m), indicating superior wear
resistance. The electrochemical test results show that under the same corrosion conditions,
the self-corrosion potential and polarization resistance of the FeMnNiSi-Inconel625-Ni60
cladding layer are significantly higher than those of the substrate, while the corrosion
current density is significantly lower than that of the substrate. The frequency stability
region at the highest impedance modulus |Z| is wider than that of the substrate, and
the corrosion rate is 71.86% slower than that of the substrate, demonstrating excellent
wear resistance. This study not only reveals the mechanism by which Laves phases
improve interfacial properties through microstructural regulation but also provides a
scalable interface design strategy for heterogeneous material additive manufacturing,
which has important engineering value in promoting the application of laser cladding
technology in the field of high-end equipment repair.

Keywords: laser cladding; laminated structure; crack arrest; wear resistance; corrosion resistance

1. Introduction

FeMnNiSi mold steel, as a typical low-cost medium-carbon steel, has a carbon content
of about 0.45%. Due to its excellent processing performance and good comprehensive
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mechanical properties, it is widely used in mold manufacturing, mechanical transmission
components, and fixtures [1]. However, this material has significant deficiencies in hardness,
wear resistance, and corrosion resistance. Especially under high-load and high-wear
conditions, it is very prone to wear failure and plastic deformation.

Laser cladding technology uses high-energy laser beams to achieve surface modifica-
tion of materials and has outstanding performance in improving tribological properties.
Compared with the two-phase process (nitriding), which is only suitable for surface hard-
ening, laser cladding can directly repair worn parts. Its core advantage lies not only in
the depth of the nitriding layer but also in its ability to simultaneously achieve alloying,
cladding, and strengthening, and it is suitable for complex geometric shapes and various
material systems. The non-equilibrium structure formed through the rapid cooling of
this process makes the deposited layer usually present a fine-grained structure, with low
porosity and metallurgical bonding characteristics. Its heat-affected zone (HAZ) is narrow,
and the energy input can be precisely controlled, thereby reducing the thermal deformation
of the substrate [2,3]. Due to its unique advantages, laser cladding technology has been
widely used in material surface strengthening in recent years. However, its fatigue life
improvement effect under compressive stress is limited and is greatly affected by material
and process parameters [4].

In response to this problem, domestic and foreign scholars have conducted in-depth
research on improving the surface properties of steel using laser cladding technology. Li T
et al. [5] conducted multi-objective optimization of the process parameters of laser cladding
Ni60 alloy powder on 45 steel. The optimized process parameters can obtain a cladding
structure with refined grains and improve the surface properties of 45 steel. Luo Xixi
et al. [6] studied the preparation of an Al-Cr composite strengthening layer on the surface
of 45 steel and verified that a composite passivation film was formed on the surface of the
Al-Cr coating with excellent corrosion resistance. Liu Lilan et al. [7] proposed a multivariate
regression prediction method for optimization targets. The results showed that in the laser
cladding process, increasing the laser power and reducing the powder feeding rate and
scanning speed can reduce the crack density and improve the cladding performance. Cao
Jinlong et al. [8] conducted research on the Ni60-TiC gradient layer structure and studied
the cladding of TiC coating on the surface of 45 steel using a CO2 constant current laser.
Wang Sheng et al. [9] prepared Fe35 on the surface of 45 steel material. An alloy layer,
under laser cladding parameters of a laser power of 2100 W, scanning speed of 5 mm/s,
and powder feeding speed of 15 g/min, can obtain fine and uniform grains, effectively
reducing brittle carbides. Wang Yuhao et al. [10] used electromagnetic field-assisted laser
cladding technology to prepare a dense Ni60 coating on the surface of 45 steel. As a result,
the stirring effect of the surface electromagnetic field on the molten pool will accelerate the
heat and mass transfer of the cladding layer, thereby reducing the generation of substances
such as CrB and Ni2B and enhancing the surface properties of 45 steel.

Although the above researchers have made some progress, there are still some short-
comings in the following aspects:

1. Most of the existing studies prepare a single coating on the substrate surface, and
there is a lack of research on laminated structures.

2. Most of the existing studies prepare specific alloy materials Ni60 or coating Fe35A
on the substrate surface and optimize the process parameters, but lack the universal
verification of the material system.

3. Most of the existing research aims to refine grains, reduce cracks, and enhance the fu-
sion between substrate and cladding by optimizing process parameters and increasing
surface electromagnetic fields, but there is no targeted related research.
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Ni60 has a wide range of application prospects in the field of surface engineering due
to its unique performance advantages. Not only does this alloy have excellent corrosion
resistance, high hardness, and good wear resistance, but also in injection mold applications,
the Ni60 cladding layer can extend mold life by 3–5 times and reduce maintenance costs
by more than 40% [11,12]. The advantages of Ni60 alloy effectively make up for the short-
comings of FeMnNiSi steel performance, making it an ideal material for FeMnNiSi steel
laser cladding [13]. However, the Ni60 cladding layer is prone to generate high residual
stress during rapid solidification, resulting in a significant cracking tendency, especially
the initiation and expansion of microcracks, which seriously restricts its service reliability
in harsh environments [14–17]. The surface modification of the Ni60 cladding layer by
laser cladding on FeMnNiSi steel faces two key technical difficulties in the preparation
process: one is the residual stress problem caused by the difference in the thermal expansion
coefficient between Ni60 and the substrate, which can easily cause longitudinal cracks [18];
the other is the formation of brittle carbide Cr7C3 in the interface area, which reduces the
bonding strength by 30–40% [19].

This study addresses the technical challenge of cracking by laser-cladding Ni60 alloy
on FeMnNiSi alloy. Through the proposal of an innovative design using an Inconel625
cladding layer as an intermediate transition layer, the goal is to construct an FeMnNiSi-
Inconel625-Ni60 laminate structure, mitigating the difference in thermal expansion co-
efficients between FeMnNiSi and Ni60 while simultaneously achieving a metallurgical
interlock between the FeMnNiSi matrix and the Ni60 functional layer. Not only does
this research provide a theoretical basis for the additive manufacturing of heterogeneous
materials, but its technical approach can also be directly applied to the surface modifi-
cation of key components in aircraft engines, marine equipment, and other applications
requiring synergistic wear and corrosion resistance, possessing significant engineering
application value.

2. Experimental Materials and Methods

2.1. Test Materials

The substrate material employed in this study was FeMnNiSi die steel with dimensions
of 100 mm × 100 mm × 10 mm. Two nickel-based alloy powders were selected for laser
cladding: Ni60 (supplied by AVIC Zhongmai Metal Materials Research Institute, Beijing,
China) and Inconel625 (supplied by Höganäs AB, Höganäs, Sweden). To ensure suitability
for laser cladding processing, the powders were sieved to a particle size range of 45~105 μm,
with a purity exceeding 99.9% and spheroidal morphology. Prior to laser cladding, both
Ni60 and Inconel625 powders were subjected to a drying process at 200 ◦C for 2 h in an
FZG-8 vacuum drying oven to eliminate moisture and enhance experimental precision.
Table 1 presents the chemical composition and elemental content of the substrate, Ni60,
and Inconel625.

Table 1. Composition and content of alloy elements in substrate, cladding layer Ni60, and Inconel625
(mass fraction/%).

Material C Ni Cr Mo Mn Nb B Si Fe

FeMnNiSi 0.44 0.20 0.20 — 0.8 — — 0.30 Bal
Ni60 0.10 60 16 2 — — 3.5 3.5 Bal

Inconel625 0.10 63 20 8 0.3 3.55 — 0.1 3.0

2.2. Laser Cladding Process

The laser cladding test is a laser cladding forming system composed of a 4 kW IPG
laser, KR60HA KUKA robot (Tennessee Industrial Electronics, La Vergne, TN, USA), GTV-
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adjustable dual-material bin, airborne powder feeder, and worktable. The YLS-4000 fiber
laser (IPG Photonics, Oxford, MA, USA) was used for single-channel and single-layer laser
cladding tests with four synchronous coaxial powder feeders. The laser power was 1.5 kW,
the spot diameter was 3 mm, the scanning speed was 6 mm/s, and the powder feeding
rate was 10 g/min. During the laser cladding process, high-purity inert argon gas was
used for protection, and the gas flow rate was set to 7 L/min. Two different cladding
layers were prepared in the experiment, namely FeMnNiSi-Ni60 single cladding layer and
FeMnNiSi-Inconel625-Ni60 laminated structure cladding layer.

2.3. Preparation and Characterization of Test Samples

Three sample geometries (10 × 10 × 10 mm3, 20 × 10 × 10 mm3, 10 × 10 × 2 mm3)
were sectioned perpendicular to the laser scan direction using an SG3000 electric discharge
wire cutter (Suzhou Sanguang Science & Technology Co., Suzhou, China). For microstructural
analysis, the 10 × 10 × 10 mm3 samples underwent cross-sectional grinding/polishing,
followed by ultrasonic cleaning in anhydrous ethanol and chemical etching with a mixed
solution of 20 mL HNO3 and 20 mL HCl. Microhardness measurements (300 gf load, 10 s
dwell time) were performed on the cladding layer using an HXD-1000TMS tester (SDL Atlas,
Singapore), with three readings averaged per horizontal line.

Wear resistance was evaluated on 20 × 10 × 10 mm3 samples polished to 2000 grit.
Pre- and post-test mass measurements (0.1 mg precision balance) were conducted after
30 min sliding against G5-G100 Si3N4 ceramic balls (6 mm diameter, 20 N load, 5 mm
stroke). Three-dimensional wear scar profiles were quantified via NANOPS50 profilometry
(SCANTECH, Hangzhou, China).

Corrosion behavior was assessed via potentiodynamic polarization tests (1 cm2 ex-
posed area) using a CHI600E workstation (Shanghai Chenhua, Shanghai, China) on pol-
ished 10 × 10 × 10 mm3 samples. Phase analysis of the 10 × 10 × 2 mm3 samples employed
XRD (HD XpertPRO (ZEISS, Oberkochen, Germany)), while cross-sectional microstructural
examination utilized SEM (SIGMA500 (ZEISS, Oberkochen, Germany)) with EDS (INCA
OXFORD (Oxford Instruments, Abingdon, UK)) for elemental mapping.

3. Test Results

3.1. Interface Micromorphology

The micromorphology of the interface region between the FeMnNiSi-Ni60 single
cladding layer and the FeMnNiSi-Inconel625-Ni60 laminated structure was observed un-
der a scanning electron microscope. Figure 1(a-1,a-2) show the micromorphology of the
interface region of the single cladding layer; Figure 1(b-1) shows the micromorphology
of the FeMnNiSi-Inconel625 laminated structure interface, and Figure 1(b-2) shows the
micromorphology of the Inconel625-Ni60 laminated structure interface. Figure 1(c-1) shows
the micromorphology of the Inconel625 transition layer of the laminated structure, and
Figure 1(c-2) shows the micromorphology of the Ni60 laminated structure cladding layer.

As shown in Figure 1(a-1), there is a black gap defect parallel to the substrate in
the fusion zone. This is a non-fusion phenomenon caused by insufficient fluidity of
the molten pool. Its outline is clear and linearly distributed, which conforms to the
morphological characteristics of typical non-fusion defects. As shown in Figure 1(a-2), there
is a large difference in the thermal expansion coefficient between the substrate FeMnNiSi
and the Ni60 cladding layer. The difference in contraction during cooling produces high
tensile stress. Ni60 itself is brittle and has weak tensile stress resistance, which leads to
cracks initiating in the fusion zone and extending to the cladding layer area, presenting a
transgranular fracture micromorphology.
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Figure 1. Interface micromorphology. (a-1) Unfused defect at the interface of a single cladding
layer. (a-2) Crack at the interface of a single cladding layer. (b-1) Micromorphology of the FeMnNiSi-
Inconel625 interface of the laminated structure. (b-2) Micromorphology of the Inconel625-Ni60
interface of the laminated structure. (c-1) micromorphology of Inconel625 transition layer in laminated
structure (c-2) micromorphology of Ni60 cladding layer in laminated structure.

In Figure 1(b-1), no obvious cladding defects are observed at the interface of the lami-
nated structure FeMnNiSi-Inconel625. Transition layer Inconel625 has excellent plasticity
and a thermal expansion coefficient similar to matrix FeMnNiSi, effectively alleviating
thermal stress concentration. As shown in Figure 1(b-2), there are also no obvious cladding
defects at the interface of the laminated structure Inconel625-Ni60. The cladding layer
Inconel625 has a face-centered cubic structure and solid solution-strengthening effect. Its
high toughness forms a gradient transition with Ni60, inhibiting crack propagation [20].

In Figure 1(c-1), at a magnification of 20,000 times, the micromorphology of the
Inconel625 transition layer of the laminated structure reveals the precipitation of multiple
white bright spots in the interdendritic gaps. Analysis of the percentage of alloying elements
at each point reveals that this phase is a nanoscale Laves phase, which can reduce the
segregation of harmful elements (such as Cr and Mo) at grain boundaries, reducing grain
boundary brittleness. At the same time, pinning the grain boundaries inhibits excessive
grain growth, achieving grain refinement and effectively suppressing the generation of
cladding defects. A γ′ phase is also generated in the transition layer region, forming a
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coherent strain field with the matrix. The mismatch is only 0.08%, significantly improving
the yield strength of the alloy. The uniform precipitation of the γ′ phase can greatly
increase the room temperature tensile strength, which also reflects the crack arrest effect
of the FeMnNiSi-Inconel625-Ni60 laminated structure. As shown in Figure 1(c-2), at a
magnification of 5000 times, a γ-Ni solid solution phase is observed in the Ni60 laminated
surface cladding layer. This phase provides plastic deformation capability, preventing the
spalling of the cladding layer due to the brittleness of carbides. Furthermore, the γ-Ni
matrix absorbs impact energy through plastic deformation, slowing crack propagation.
Furthermore, a high-hardness and wear-resistant (Mo,Nb)C or (Mo,Cr)C solid solution-
strengthening phase is generated in the surface cladding layer [21]. The coherent interface
(stellate precipitation structure) with the γ-Ni matrix reduces stress concentration and
improves the bonding strength between the cladding layer and the substrate.

In summary, from the microstructural observation, it was found that the laminated
structure FeMnNiSi-Inconel625-Ni60 effectively inhibited the initiation and propagation
of cracks through the dual design of transition layer strengthening and cladding layer
toughening, providing a stable foundation for matrix surface strengthening.

3.2. Interface Element Analysis

To investigate the crack-arresting mechanism of the FeMnNiSi-Inconel625-Ni60 lami-
nated structure, we performed scanning electron microscopy (SEM) coupled with energy-
dispersive X-ray spectroscopy (EDS) using an INCA OXFORD system. This enabled
simultaneous microstructural characterization and elemental mapping at the substrate-
cladding interface. Figure 2 shows the microstructure and element distribution curve of the
FeMnNiSi-Ni60 single cladding layer interface; Figure 3 shows the microstructure and ele-
ment distribution curve of the FeMnNiSi-Inconel625 interface in the FeMnNiSi-Inconel625-
Ni60 laminated structure; and Figure 4 shows the microstructure and element distribution
of the Inconel625-Ni60 interface in the FeMnNiSi-Inconel625-Ni60 laminated structure.

Figure 2. Element analysis of FeMnNiSi-Ni60 interface.

As shown in Figure 2, the black phase area of the online scanning shows the phe-
nomenon of multiple-Cr-element aggregation and a significant reduction in Ni element.
Cr-rich areas are prone to forming hard and brittle BCC phases, such as Cr23C6 carbides,
which can lead to cladding defects. While Cr elements are gathering, the Ni element content
is significantly reduced. The Ni element reduction area is mainly composed of FCC phases.
The difference in thermal expansion coefficients between the BCC phase and the FCC phase
leads to interfacial stress concentration, thereby increasing the risk of crack generation. On
the other hand, Cr and Ni elements show opposite trends of change. The anti-correlated
distribution of Cr-Ni promotes the precipitation of brittle phases such as (Cr, Fe)23C6 at the
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grain boundary. The interface between these hard phases and the substrate often becomes
the area where cracks preferentially extend [22]. It is because of the above situation that
cracks and obvious cladding defects were found in the fusion zone in the microstructure
observation of a single cladding layer.

Figure 3. Element analysis of FeMnNiSi-Inconel625 interface.

Figure 4. SEM and EDS of Inconel625-Ni60 interface.

Figure 3 shows the elemental analysis of the FeMnNiSi-Inconel625 interface of the
laminated structure. It can be seen from the observation that in the line scanning area of the
Inconel625 cladding layer, Nb and Mo elements are concentrated in the white phase, while
Fe, Cr, and Ni elements are reduced. The enrichment of Nb and Mo elements will promote
the precipitation of γ′′ phase Ni3Nb. Its coherent strain with the matrix can absorb residual
stress and reduce the local stress concentration coefficient. In addition, the synergistic
segregation of Nb-Mo can form a nanoscale Laves phase, which can achieve stress redis-
tribution by pinning dislocation movement. The study of Rao G G and other phase field
methods shows that Nb Mo co-segregation can increase the energy barrier of dislocation
motion by 0.8 eV, which is consistent with the stress redistribution phenomenon achieved
by pinning dislocation motion in this study [23]. The segregation of Nb can stabilize grain
boundary carbides and reduce the initiation of microcracks caused by grain boundary
sliding at high temperatures. The aggregation of Mo can increase the local yield strength
through solid solution strengthening, so that crack propagation requires higher energy
consumption, thereby reducing the occurrence of cracks [24]. The reduction in Fe and Cr
can inhibit the formation of brittle σ phase Cr-Fe and avoid stress mutation caused by hard
and brittle phase. The moderate reduction in Ni can reduce the difference in the thermal
expansion coefficient between the Inconel625 cladding layer and FeMnNiSi substrate layer,
as well as reduce interface thermal stress, and the reduction in Cr can avoid the continuous
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precipitation of carbides at grain boundaries and improve the grain boundary bonding
state [25]. Through the above element analysis, we found that for the laminated structure
with Inconel625 as the intermediate laminate, its bonding interface with the substrate
presents a dual mechanism of reducing stress concentration and inhibiting cracks.

Figure 4 shows the elemental analysis of the Inconel625-Ni60 interface of the laminated
structure. Via observation, it can be found that there are many fine white phases distributed
throughout the interface. The positions of these phases all show the aggregation of Nb
or Mo elements. In particular, there are two areas in the fusion line area where Nb and
Mo elements are aggregated, while Cr and Ni elements are reduced. This phenomenon
shows that Nb-Mo synergistically segregates in the fusion line area to form a nanoscale
Laves phase, which can not only inhibit the formation and aggregation growth of carbides,
thereby achieving the grain refinement effect, but also form pinning dislocations, causing
the crack propagation path to deflect and reducing crack generation [26].

3.3. Phase Composition Analysis

To further verify the crack arrest effect of the FeMnNiSi-Inconel625-Ni60 laminated
structure, diffraction pattern analysis of the laminated structure was carried out. The black
broken line in Figure 5 is the XRD diffraction pattern of the Inconel625 cladding layer, and
the red broken line is the XRD diffraction pattern of the Ni60 cladding layer. The two
samples are the transition layer and the surface cladding layer of the laminated structure
cladding layer, respectively. The characteristic peak positions of the FCC phase of the
Inconel625 cladding layer are at 44.2◦, 51.5◦ and 75.7◦, the diffraction peaks of the Laves
phase are at 38.3◦and 56.2◦, and the diffraction peaks of the γ′′ phase are at 42.1◦ and 46.1◦.
The characteristic peak positions of the FCC phase of the Ni60 cladding layer are at 44.8◦,
52◦, and 76.2◦.

Figure 5. XRD diffraction pattern of the phase composition of the cladding layer.

Because this area is a surface cladding layer of a laminated structure, Nb and Mo
elements are segregated from the Inconel625 cladding layer to this area, so the diffraction
peak here may also correspond to the Laves phase or γ′′ phase.

In comparing the specific data of the crystal plane diffraction peaks of the two cladding
layers, it was found that the diffraction peaks of the FCC phase of the Inconel625 cladding
layer shifted to the left. This is because the high content of Nb and Mo and other large-
atomic-radius elements in Inconel625 replace the Ni lattice, resulting in the expansion
of the γ-Ni lattice. According to the Bragg equation, 2d·sinθ = nλ, the increase in the
interplanar spacing d will lead to a decrease in the diffraction angle θ, which is manifested
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as a left shift in the peak position. The presence of FCC phase in both cladding layers
indicates that the cladding layers have good high-temperature stability, and the Cr element
in the cladding layer can promote the formation of the passivation film and improve the
corrosion resistance of the cladding layer in 3.5% NaCl solution [25]. The Laves phase
acts as a pinning phase at the grain boundary to inhibit grain boundary sliding and
maintain the stability of the structure under high-temperature conditions of laser cladding.
Moreover, the preferential precipitation of the Laves phase can consume Nb, reduce the
precipitation amount of NbC carbides, and reduce the peak strength of carbides [26]. The γ′′

phase pins the grain boundary to hinder the continuous network precipitation of carbides,
achieving a grain refinement effect and dominating the low-temperature strengthening.
The synergistic effect of the two structures can improve the performance of the cladding
layer and effectively inhibit the generation of cracks.

3.4. Microhardness

Regarding the microhardness measurement of the FeMnNiSi-Inconel625-Ni60 laminated
structure cross-section, microhardness measurements were performed along a horizontal
cross-section of the cladding layer, with test points spaced at 200 μm intervals from the
cladding surface to the substrate. The average microhardness values (HV0.3) reveal a distinct
gradient: the substrate (FeMnNiSi) exhibits a hardness of 165.22 HV0.3, while the intermediate
Inconel 625 cladding layer reaches 340.71 HV0.3 (2.06× the substrate). The surface Ni60 layer
achieves the highest hardness at 641.31 HV0.3 (3.88× the substrate), as shown in Figure 6. This
progressive increase in hardness—from substrate to surface—suggests that the Inconel625
layer acts as an effective buffer, mitigating stress concentrations between the softer substrate
and the harder Ni60 surface layer. Such a graded hardness profile is likely to enhance the
mechanical integrity and wear resistance of the laminated structure. Sainath Krishna Mani
Iyer found in the study of SS316L/Inconel625-based composite functional gradient coatings
that the transition of the intermediate layer reduces interfacial stress concentration by more
than 40%, providing theoretical support for this study [27]. During data recording, we also
discovered that the hardness values of one area between the different cladding layers differed,
as did the hardness of the two layers. This phenomenon is primarily due to the significant
differences in hardness between the different alloy materials. While the cladding retains its
original properties, the laser heat input causes elemental migration. During the laser cladding
process, some elements also generate new species, all of which lead to changes in hardness.
Overall hardness analysis shows that the cladding layer in the FeMnNiSi-Inconel625-Ni60
stack is significantly harder than the substrate, achieving a surface strengthening effect.

Figure 6. Microhardness distribution of the laminated structure interface.
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3.5. Friction and Wear Properties

As shown in Figure 7a, the friction coefficient of both the substrate and the laminated
cladding layer exhibits an initial transient period before stabilizing after approximately
5 min, indicating the transition into steady-state wear. The stabilized average friction
coefficient (Figure 7b) reveals a 17.95% increase for the laminated structure (0.552) compared
to the substrate (0.543). According to Archard’s wear theory (Equation (1)), wear volume
(V) is directly proportional to the sliding distance (S) and normal load (N), while inversely
proportional to material hardness (H) [28].

V = kNS/H (1)

 
(a) (b) 

Figure 7. Friction coefficient curve of FeMnNiSi-Inconel625-Ni60 laminated structure cladding layer
and substrate. (a) Friction coefficient curve. (b) Average friction coefficient and wear volume.

Under identical testing conditions (20 N load, 5 mm sliding distance), the wear volume
of the substrate (0.329 mm3) significantly exceeds that of the laminated cladding layer
(0.086 mm3)—a reduction of 0.243 mm3 (Figure 8b). The specific parameters are shown in
Table 2. This pronounced improvement in wear resistance can be attributed to the graded
hardness profile of the laminated structure, where the Inconel625 intermediate layer and
Ni60 surface layer collectively enhance durability while maintaining a modest increase in
friction coefficient.

(a) (b) 

Figure 8. Three-dimensional contours of wear scars on substrate and FeMnNiSi-Inconel625-Ni60
cladding layer. (a) Three-dimensional profile of wear scar on substrate. (b) Three-dimensional profile
of wear scar on FeMnNiSi-Inconel625-Ni60 cladding layer.
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Table 2. Wear volume calculation parameters.

Sample
Average Coefficient

of Friction
Test Load

/N
Sliding Distance

/mm
Microhardness

/HV0.3

Wear Volume
/mm3

Substrate 0.543 20 5 165.22 0.329
Sandwich structure 0.552 20 5 641.31 0.086

To further evaluate the friction and wear, the wear scars of the cladding layer and the
substrate were extracted and characterized using 3D contours. Figure 8a shows the 3D
contour of the wear scar of the substrate, and Figure 8b shows the 3D contour of the wear
scar of the FeMnNiSi-Inconel625-Ni60 laminated cladding layer. The two figures show
that the wear scar of the laminated cladding layer is shallow and narrow, while the wear
scar of the substrate is deep and wide, visually verifying that the wear resistance of the
FeMnNiSi-Inconel625-Ni60 laminated cladding layer is significantly higher than that of
the substrate.

The three-dimensional contour morphology of the scratch was characterized, yielding
the comprehensive dataset presented in Table 3. In order to further verify the advantages
of the laminated structure, the wear rate was calculated by substituting Formula (2) into
the data obtained by scanning the three-dimensional profile [29]. The specific formula is
as follows:

W =
V
LF

(2)

Table 3. Comparison of friction and wear test data between FeMnNiSi-Inconel625-Ni60 laminated
structure and substrate.

Sample
Wear Depth

/μm
Wear Width/

μm

Wear
Cross-Sectional

Area/μm2

Wear Volume/
mm3

Wear Rate/
mm3/(N·m)

Substrate 18.6 780 7806 0.329 3.29 × 10−2

FeMnNiSi-Inconel625-Ni60 16.5 460 3883 0.086 0.86 × 10−2

In Formula (2), V is the wear volume; L is the wear distance; F is the wear load; and W
is the wear rate.

Wear scar morphology analysis (Table 3) reveals that the FeMnNiSi-Inconel625-Ni60
laminated cladding layer exhibits superior wear resistance compared to the substrate.
Specifically, the maximum wear depth (16.5 μm vs. 18.6 μm) and cross-sectional area
(3883 μm2 vs. 7806 μm2) are significantly reduced, leading to a 73.86% decrease in wear rate
(0.86 × 10−2 mm3/(N·m) vs. 3.29 × 10−2 mm3/(N·m)). These findings demonstrate that
the laminated cladding structure effectively enhances the wear resistance of FeMnNiSi steel.

Scanning electron microscopy (SEM) examination of the wear scar morphology (Figure 9)
reveals distinct wear mechanisms between the substrate and the laminated cladding layer. The
substrate (Figure 9a) exhibits severe adhesive wear characteristics, including thick material
peeling layers, deep grooves, and extensive material transfer, accompanied by abrasive wear
due to large grinding debris accumulation. In contrast, the laminated cladding layer (Figure 9b)
demonstrates primarily abrasive wear behavior, with fine grinding debris particles generated
by the strengthening phase under grinding force, forming shallow grooves alongside the
cutting action of silicon nitrideceramic balls. Minor adhesive wear features are observed, but
no large-scale material peeling occurs [30].
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(a) (b) 

Figure 9. Micromorphology of wear marks on substrate and laminated cladding layer. (a) Micromorphol-
ogy of wear scar on substrate. (b) Micromorphology of wear scar on Ni60 cladding layer.

The superior wear resistance of the laminated cladding layer is attributed to two
synergistic effects: (1) solid solution strengthening and grain refinement, which enhance
hardness and deformation resistance; and (2) a strengthening phase that impedes dislo-
cation motion, further suppressing wear. In comparison, the substrate’s lower hardness
renders it susceptible to failure under combined normal and shear stresses during abrasive
contact [31].

3.6. Corrosion Resistance

Figure 10 presents the Tafel polarization curves of the FeMnNiSi-Inconel625-Ni60 lam-
inated cladding layer and the substrate in 3.5% NaCl solution. A marked difference in
electrochemical behavior is evident: the laminated cladding layer displays a well-defined
smooth-curve region during corrosion, whereas the substrate lacks such a feature entirely.
This smooth region represents the passivation region, indicating the good stability of the
passivation layer. This demonstrates that the laminated cladding layer exhibits superior
corrosion resistance compared to the substrate. Polarization resistance (Rp) directly reflects a
material’s ability to resist corrosion. The greater the polarization resistance, the greater the
corrosion resistance. It is inversely proportional to the corrosion current density, and the
proportional value can be obtained from the slope of the polarization curve. In electrochemical
experiments, the polarization curve data measured in CS Studio software (SP5) was imported
into CS (Version: V2.1.586) Analysis software for analysis. CS Analysis software automatically
analyzes the polarization curve and calculates the polarization resistance Rp. The data show
that the Rp values of the substrate and the laminated cladding are 2426.9 Ω and 8623.6 Ω,
respectively. The laminated cladding exhibits markedly improved corrosion resistance relative
to the substrate, featuring a 71.86% reduction in corrosion rate and elevated polarization
resistance. Electrochemical analysis indicates that the cladding’s corrosion potential (Ecorr)
(−0.780 V) is more positive than that of the substrate (−0.844 V), while its corrosion current
density (icorr) (8.32 × 10−6 A/cm2) is approximately one order of magnitude lower than
the substrate’s value (6.546 × 10−5 A/cm2). These findings collectively demonstrate that the
laminated structure achieves slower surface degradation, diminished corrosion propensity,
and enhanced protective performance under uniform environmental conditions [32].
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Figure 10. Tafel polarization curves of cladding layer and substrate.

To elucidate the electrochemical corrosion behavior of the FeMnNiSi-Inconel625-Ni60
laminated cladding layer and its substrate, electrochemical impedance spectroscopy (EIS)
analysis was conducted, as illustrated in Figure 11. Figure 11a presents the Nyquist plots for
both the laminated cladding and the substrate, while Figure 11b shows the corresponding
Bode diagrams.

  
(a) (b) 

Figure 11. Electrochemical impedance spectroscopy of the laminated structure cladding layer and
substrate. (a) Nyquist curve of the laminated structure cladding layer and substrate. (b) Bode
diagram of the laminated structure cladding layer and substrate.

In Figure 11a, the laminated cladding exhibits a substantially larger capacitive arc
radius than the substrate. A larger capacitive arc radius correlates with higher resis-
tance to electrode reactions, slower corrosion rates, and superior corrosion resistance [33].
Figure 11b further reveals that the impedance modulus |Z| of the laminated cladding is
significantly higher than that of the substrate. Notably, at the peak |Z| frequency [34], the
laminated cladding demonstrates a broad frequency stability region, whereas this region
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is virtually absent in the substrate. These observations collectively confirm the enhanced
corrosion resistance of the FeMnNiSi-Inconel625-Ni60 laminated structure.

Figure 12 shows the microscopic morphology of the substrate and cladding surface
after electrochemical corrosion. As shown in Figure 12a, the corroded surface of the
substrate has obvious pitting corrosion pits, and the substrate test surface is corroded
as a whole, with basically no intact areas. Compared with Figure 12b, there are areas of
uncorroded cladding in the laminated structure, and a small amount of clustered pitting
corrosion clusters is present within the corroded grain boundaries. However, the corrosion
marks are relatively shallow, indicating that the laminated structure cladding has better
corrosion resistance. Therefore, in terms of corrosion resistance, the laminated structure
cladding has better corrosion resistance than the substrate.

 

Figure 12. Micromorphology of substrate and laminated structure cladding layer after electrochemical
corrosion. (a) Micromorphology of substrate. (b) Electrochemical corrosion micromorphology of
laminated structure cladding layer.

4. Conclusions

This study successfully solved the cracking problem of Ni60 cladding layer on FeMn-
NiSi substrate through the design of a FeMnNiSi-Inconel625-Ni60 laminate structure, as
well as revealed the intrinsic mechanism of interface microstructure regulation and per-
formance enhancement and provided a theoretical basis for the additive manufacturing
of heterogeneous materials. It also provided a basis for the surface modification of key
components in industrial and mining applications such as aviation and marine equipment.
The main conclusions are as follows:

(1) By observing the micromorphology of the interface area between the Ni60 single
cladding layer and the FeMnNiSi-Inconel625-Ni60 laminated structure, we found
unfused defects and obvious cracks in the fusion zone of the single cladding layer,
while there were no obvious cladding defects in the two cladding layer areas of the
laminated structure.

(2) Through EBSD micromorphology, interface elements, and phase composition analysis,
it can be seen that the Cr element aggregates at the interface of Ni60 single coating
and the Ni element decreases, thus forming a hard brittle phase and FCC phase. The
difference in the thermal expansion coefficients of the two phases leads to interface
stress concentration, which increases the risk of crack generation; the enrichment of
Nb and Mo elements at the interface of the stacked structure FeMnNiSi-Inconel625
promotes the precipitation of γ′′ phase and forms a nanoscale Laves phase under the
synergistic segregation of Nb-Mo, which refines the grains while reducing local stress
concentration; two Nb-Mo synergistic segregation phenomena appear in the fusion
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line area of the stacked structure Inconel625-Ni60 interface, which can not only inhibit
the formation and aggregation of carbides to achieve the effect of grain refinement
but also form pinning dislocations, deflect the crack propagation path, and reduce
crack generation. The FeMnNiSi-Inconel625-Ni60 stacked structure presents a dual
mechanism of reducing stress concentration and inhibiting cracks.

(3) The hardness test results show that the average microhardness of the Ni60 surface cladding
layer of the laminated structure is 641.31 HV0.3, which is 3.88 times the average micro-
hardness of the substrate (165.22 HV0.3). The average microhardness of the base layer
Inconel625 is 340.71 HV0.3, which is 2.06 times the microhardness of the substrate. The
wear resistance test results show that the wear volume of the laminated cladding layer
is 0.086 mm3, which is 0.243 mm3 less than the wear volume of the substrate 0.329 mm3;
the wear rate of the laminated cladding layer is 0.86 × 10−2 mm3/(N·m), which is 73.86%
lower than the wear rate of the substrate 3.29 × 10−2 mm3/(N·m); the substrate wear scar
surface has a large area of adhesion and material peeling, resulting in severe wear, while
the surface wear of the laminated cladding layer is significantly weakened, mainly due to
abrasive wear, and has better wear resistance.

(4) The electrochemical corrosion test results indicate that under identical environmental
conditions, the laminated structure cladding layer exhibits superior corrosion resis-
tance compared to the substrate. Specifically, the cladding layer demonstrates a higher
self-corrosion potential (−0.780 V vs. −0.844 V for the substrate), a lower corrosion
current density (8.32 × 10−6 A/cm2 vs. 6.546 × 10−5 A/cm2), and a significantly
higher polarization resistance (8623.6 Ω vs. 2426.9 Ω). Additionally, the frequency-
stable region width at the highest impedance modulus |Z| is notably wider for the
cladding layer, and its corrosion rate is 71.86% slower than that of the substrate. These
findings confirm that the laminated structure has a slow corrosion rate, minimal
corrosion tendency, and excellent overall corrosion resistance.
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Abstract

The laser-directed energy deposition (L-DED) technique, with its excellent environmental
adaptability and superior repair capability, shows great potential for the repair of damaged
X70 pipeline steel. In this work, the microstructure and mechanical properties of L-DED
repaired X70 steel were systematically investigated. The deposited material exhibited
inhomogeneity along the building direction. From the bottom to the top, the grains
gradually coarsened, and the proportion of polygonal ferrite increased. This was mainly
attributed to increasing thermal accumulation with deposition height, which reduced the
cooling rate and promoted solid-state transformations at higher temperatures. Meanwhile,
the heat accumulation and intrinsic heat treatment reduced the dislocation density and
promoted Fe3C precipitation within grains and along boundaries. Microhardness was
highest in the bottom region and decreased along the building direction due to the gradual
coarsening of microstructure and decreasing in dislocation density. The L-DED X70 showed
lower yield strength (435 MPa) and ultimate tensile strength (513 MPa) compared to the
base material and API 5L requirements. The elongation of the L-DED X70 was 42.9%,
which was 58% higher than that of the base material, indicating excellent ductility. These
results revealed a thermal history-dependent strength–ductility trade-off in the L-DED
repaired X70 steel. Therefore, more efforts are needed to control the L-DED thermal
process, tailor the microstructure, enhance strength, and meet the service requirements of
harsh environments.

Keywords: pipeline steel; additive manufacturing; directed energy deposition; thermal
process; microstructure; tensile strength

1. Introduction

X70 pipeline steel, characterized by excellent strength-toughness balance and favor-
able weldability, has become a critical material for long-distance transportation of energy
sources such as oil and natural gas [1]. However, during prolonged service, pipelines are
frequently exposed to harsh operating conditions involving complex stress states, corrosive
environments, and coupled multiphase media, rendering their surfaces highly susceptible
to damage such as cracking, pitting corrosion, and mechanical wear [2,3]. Leakage inci-
dents not only endanger human safety and cause environmental pollution but also result
in substantial economic losses. Therefore, the development of efficient and reliable on-site
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repair technologies is of significant engineering importance for ensuring the safe operation
of pipeline networks and extending their service life.

Arc welding repair is currently the most widely adopted technique. However, its high
heat input tends to induce microstructural coarsening and residual stress, making it difficult
to meet the quality requirements of high-standard engineering applications. In recent years,
laser-directed energy deposition (L-DED) technology has gained widespread application
in aerospace, automotive, and marine industries [4,5]. L-DED exhibits many advantages,
such as low heat input, narrow heat-affected zone, and minimal thermal distortion [6]. In
addition, rapid laser melting and solidification effectively suppress grain growth, yielding a
dense, fine-grained microstructure that enhances the overall mechanical performance of the
repaired zone [7]. Thus, investigating the applicability of L-DED technology for repairing
damaged X70 pipeline steel holds considerable scientific value and engineering potential.

The L-DED melt pool solidifies under non-equilibrium, rapid solidification condi-
tions, resulting in a unique solidification microstructure within the repaired region. As
the repaired zone is constructed via sequential track-by-track and layer-by-layer metal
deposition, thermal cycling further modifies the characteristics of the solidified microstruc-
ture. Cheng et al. [8] demonstrated that the extremely high cooling rate inherent to L-DED
significantly suppresses austenite grain growth and promotes the formation of fine-grained
transformation products such as bainite and martensite, in contrast to the coarse columnar
grains typically observed in conventional welding. Rashid et al. [9] investigated the mi-
crostructural features of additively manufactured 300 M ultra-high-strength steel. They
demonstrated that the deposited zone consists primarily of untempered martensite, while
overlapping scan tracks, subjected to additional thermal cycles, develop tempered marten-
site. Ning et al. [10] pointed out that the microstructure of X80 pipeline steel fabricated by
the wire-fed additive manufacturing technique is dominated by lath bainite (LB). The grain
size and phase composition are distinctly different from those produced by conventional
methods. These results are also reported by Seede et al. [11]. Collectively, these studies in-
dicate that the additive manufacturing process parameters and solidification characteristics
jointly govern the microstructural constitution of the repaired zone, revealing fundamental
differences compared to traditional techniques.

The unique microstructure of the L-DED repaired zone profoundly influences its
mechanical properties. Sun et al. [12] applied laser cladding to repair AISI 4340 high-
strength steel. They claimed that while the repaired zone exhibited markedly elevated
microhardness, its tensile properties were significantly degraded. Zhan et al. [13] reported
that the thermal cycling in the repair layer of AerMet100 ultra-high-strength steel induced
grain refinement, leading to substantially higher microhardness and strength than the
substrate, albeit with a pronounced reduction in ductility. Similar results are reported by
Jing et al. [14]. Sun et al. [15] investigated the L-DED repair of HSLA-100 high-strength
steel. They found that the complex thermal histories result in non-uniform microhardness
distribution. These findings demonstrate that the heat input, composition, and cooling
path modulate the microstructure, thereby profoundly affecting the mechanical response of
the repaired zone. Despite abundant research on L-DED of high-strength steels, systematic
investigations specifically targeting damage repair of X70 pipeline steel remain lacking,
particularly concerning the mechanisms of microstructural evolution in the repaired zone
and its quantitative correlation with mechanical properties.

To the best of our knowledge, powder-blown L-DED is firstly applied to repair the
damaged X70 pipeline steel. The effects of thermal cycles and heat accumulation during L-
DED on the microstructure, microhardness, and tensile properties of the repaired region are
systematically investigated. Through comprehensive comparison with rolled base material
(BM), the underlying mechanisms by which the L-DED process affects microstructural
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evolution and mechanical properties of the pipeline steel are thoroughly elucidated. This
work aims to provide a scientific foundation for high-performance repair of X70 pipeline
steel by L-DED.

2. Experimental Procedure

2.1. Materials

The BM is standard X70 pipeline steel supplied by Wuyang Iron and Steel Co., Ltd.
(Pingdingshan, China). This steel plate is produced by the thermo-mechanical control
process (TMCP). The dimensions of the prepared BM are 200 mm × 100 mm × 14 mm
(length × width × height). The additively manufactured sample (AM) was fabricated
using the X70 powder. The X70 powder was produced from the as-received X70 steel
plates via the gas atomization technique. The particle size distribution of the X70 powder
ranges from 45 to 105 μm. The chemical composition of the X70 plate and X70 powder is
listed in Table 1. The chemical composition of the steel plate was analyzed using optical
emission spectroscopy (SPECTRO LMF15; SPECTRO Analytical Instruments GmbH, Kleve,
Germany). The chemical composition of the powder was measured using inductively
coupled plasma optical emission spectroscopy (Spectro ICP-OES, SPECTRO Analytical
Instruments GmbH, Kleve, Germany), while the contents of the non-metallic elements
C and S were determined using an inert gas fusion analytical instrument (NCS CS-2800;
Luoyang Shibida Precision Instruments Co., Ltd., Luoyang, China).

Table 1. Chemical composition (wt.%) of the X70 plate and X70 powder.

Element C Mn Ni Cr Si Mo V Cu Nb P S Fe

X70 plate 0.085 1.57 0.02 0.27 0.21 0.003 0.003 0.024 0.05 0.010 0.005 Bal.
X70 powder 0.057 1.47 0.08 0.36 0.20 0.013 0.002 0.02 0.04 0.012 0.008 Bal.

2.2. L-DED Process

The L-DED process was performed on a laser cladding forming system (AFS-C1280,
Beijing Longyuan AFS Co., Ltd., Beijing, China). This system primarily consisted of
the following modules: a fiber-coupled laser device (Trudisk 6002, Trumpf, Ditzingen,
Germany), a three-axis numerically-controlled machine tool, and a coaxial powder-feeding
laser cladding head (T003, Nanjing Huirui Photoelectric Technology Co., Ltd., Nanjing,
China). The laser beam was delivered via a 600 μm core-diameter optical fiber to the laser
cladding head and focused onto the substrate surface with a focused spot diameter of 2 mm.
The laser cladding head was precisely controlled by the CNC machine tool to execute
spatial trajectory movements, synchronously feeding X70 powder into the melt pool. The
L-DED process is illustrated in Figure 1a.

As shown in Figure 1b, the L-DED scan path employed a layered reciprocating scan-
ning strategy, with the dimensions of the formed sample being 40 mm × 40 mm × 4.5 mm
(length × width × height). To prevent the oxidation of the melt pool during L-DED, high-
purity nitrogen was used as the shielding gas at a flow rate of 18 L/min. Based on the
results of preliminary process exploration, optimized process parameters were selected
for the repair experiment, with specific parameters detailed in Table 2. This work utilized
the energy volume density (EVD) to characterize the heat input resulting from the process
parameters. It was calculated using Equation (1) [16]:

EVD =
P

v·d·h (1)
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where P is the laser power, v is the scanning speed, d is the diameter of laser spot, h is the
layer height. Based on the measurement result of the single track, the average height of
the single track was 1.2 mm. Substituting the corresponding parameters into the equation
yielded a EVD value of 50 J/mm3.

Figure 1. (a) L-DED process, (b) scan strategy, (c) sampling location, and (d) dimension of the
tested samples.

Table 2. L-DED process parameters.

Parameter Value

Laser power (W) 2000
Laser spot diameter (mm) 2
Scanning speed (mm/min) 1000
Powder feed rate (g/min) 10
Hatching distance (mm) 1.25

ΔZ increment (mm) 0.75
Layer number 8

2.3. Microstructure Characterization

The sampling locations for the metallographic specimens are shown in Figure 1c, with
specific dimensions and shapes detailed in Figure 1d. Samples were taken from the top,
middle, and bottom regions to comparatively analyze the microstructural characteristics at
different deposition heights. The specimen surfaces were sequentially mechanically ground
using SiC abrasive papers of 80, 240, 600, 1000, and 2000 grit, followed by fine polishing
with 2.5 μm diamond polishing compound. A 4% nitric acid alcohol solution was used
for chemical etching to reveal the microstructure. After etching, the microstructure was
examined using optical microscopy (OM; Primotech, Carl Zeiss, Oberkochen, Germany)
and scanning electron microscopy (SEM; Nova Nano, FEI Company, Hillsboro, OR, USA).

The internal grain structure was further examined using transmission electron mi-
croscopy (TEM; Tecnai G2, FEI Company, Hillsboro, OR, USA). The twin-jet electrolytic
polishing method was employed, using an electrolyte composed of a mixture of 10 vol.%
perchloric acid (HClO4) and 90 vol.% ethanol (C2H5OH), to thin the samples until they
became electron beam transparent. Thin areas of the TEM samples were further used for
electron backscatter diffraction analysis (EBSD; Oxford Instruments, Abingdon, UK). The
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EBSD scanning field of view was 250 × 190 μm2, with a sampling step size of 0.36 μm. The
AZtecCrystal V2.1 software was used for analyzing the obtained EBSD data.

2.4. Microhardness and Tensile Testing

Microhardness testing was performed using a microhardness tester (HXD-1000
TMSC/LCD, Shanghai Taiming Optical Instrument Co., Ltd., Shanghai, China). The
applied load was 200 gf, with a dwell time of 15 s. For the AM specimen, microhard-
ness measurements were initiated from the topmost surface and conducted at intervals of
0.5 mm along the depth direction. Total ten measurement points were used for the analysis.
Each set of measurements was repeated for three times, and the average value was taken
to minimize experimental error. For the BM specimen, ten measurement points were
randomly selected at different locations. The average microhardness value was calculated
for comparative analysis with the microhardness distribution of the AM specimen.

Tensile specimens were sampled as indicated in Figure 1c, with specific dimensions
and geometry shown in Figure 1d. Tensile specimens were extracted from the middle
region of the AM block to represent the characteristic mechanical behavior under stable
deposition conditions. The initial layers had high cooling rates, while the last layers
experienced severe heat accumulation. Both conditions led to non-uniform microstructures
and localized property variations. In contrast, the middle region experienced relatively
stable thermal cycles, resulting in a more representative and homogeneous microstructure
that reflected the steady-state condition of the process.

The tensile specimens were mounted on an electronic universal testing machine (NKK-
4050, Shenzhen Nanfang Jingke Instrument & Equipment Co., Ltd., Shenzhen, China)
for quasi-static uniaxial tensile testing at a strain rate of 0.3 mm/min. Each test was
repeated three times. The average values were used to ensure data reliability. The ultimate
tensile strength (UTS) and post-fracture elongation of both AM and BM specimens were
experimentally determined. Due to the absence of an extensometer, the yield strength
(YS) could not be measured directly. Instead, it was estimated from the engineering
stress–displacement curve using the deviation analysis method. The yield strength was
determined as the stress corresponding to a 5% deviation from the linear elastic behavior
predicted by Hooke’s law [17]. In addition, the fracture surfaces of the tensile specimens
were analyzed by SEM.

3. Results

3.1. Microstructure

Figure 2 shows the microstructural characteristics of the AM and BM X70 specimens.
Figure 2a–c show that the microstructure of the AM specimen is primarily composed of
polygonal ferrite (PF) and quasi-polygonal ferrite (QF). However, the grain size and phase
fraction varied significantly across different regions. Specifically, the top region of the AM
specimen exhibited coarse microstructure which was predominantly composed of large
PF (Figure 2a). In the middle region, the grain size was refined. PF was more frequently
observed than QF (Figure 2b). In contrast, the bottom region contained a higher proportion
of QF compared to PF (Figure 2c). Figure 2d shows that the microstructure of the BM
specimen is predominantly composed of QF. QF tended to exhibit a flattened morphology
resulting from the rolling process during TMCP. In addition, the grain size of the BM
specimen was smaller than that of the AM specimen.
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Figure 2. OM images showing the microstructural features of the X70 specimens. (a) Top region
of AM specimen, (b) middle region of AM specimen, (c) bottom region of AM specimen, and
(d) BM specimen.

For a concise and clear comparison between the AM and BM microstructures, the
microstructure from the middle region of the AM specimen was selected for detailed
analysis. The SEM images in Figure 3 showed the microstructures of the AM and BM
specimens. Figure 3a reveals that the microstructure of the AM specimen is predominantly
composed of regularly shaped PF, exhibiting equiaxed or near-equiaxed morphology. PF
grain boundaries are clearly defined. Figure 3b clearly shows that the M/A island-like
constituents are located along grain boundaries and distributed between PF grains. In
addition, numerous spherical inclusions were dispersed within the grains. In contrast,
Figure 3c shows that the microstructure of the BM specimen is primarily composed of QF,
with smaller, irregularly shaped grains and wavy grain boundaries. Figure 3d exhibits the
carbides and small M/A constituents along the grain boundaries. The M/A constituents
were predominantly located at grain boundary regions.

Figure 4 presents the TEM analysis results of the middle region of the AM specimen.
Figure 4a shows that dispersed inclusions are distributed within the PF grains. Grain
boundaries between adjacent grains were clearly discernible. Figure 4b,c show the high-
magnification images of the grain interiors, further revealing the distribution characteristics
of carbides. Figure 4b shows that numerous rod-shaped carbides are interconnected and
locally clustered within the grains. Selected area electron diffraction (SAED) analysis
verified that the precipitated carbide was cementite (Fe3C). Figure 4c shows that many near-
spherical carbides are enriched along grain boundaries, exhibiting pronounced segregation
behavior. Figure 4e,f compare the size distributions of the carbides with different shapes.
The average diameter of the rod-shaped carbides (110 ± 25 nm) was much larger than
that of the near-spherical carbides (32 ± 8 nm). Figure 4d shows that the dislocation lines
in the AM X70 specimen are straight and sparsely distributed. This suggests minimal
plastic strain accumulation during the deposition process, resulting in a significantly
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low dislocation density, which is consistent with the characteristics of PF as a diffusion-
controlled transformation product.

Figure 3. SEM images showing the typical microstructures of the X70 specimens. (a,b) Middle region
of AM specimen and (c,d) BM specimen.

 

Figure 4. TEM bright-field images showing the microstructure in the middle region of AM X70
specimen. (a) Low-magnification of microstructure, (b) rod-shaped carbide aggregation, (c) near-
spherical carbide aggregation, (d) sparse and straight dislocation lines, (e) size distribution of the
rod-shaped carbides in (b), and (f) size distribution of the near-spherical carbides in (c).
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Figure 5 presents the TEM analysis results of the BM specimen. Figure 5a shows a low-
magnification image of the BM microstructure. Carbides precipitated at the trigeminal grain
boundaries. In addition, some dislocation lines were distributed in the grains. Figure 5b
shows that the carbides precipitate at the straight grain boundaries of two grains. The
morphology and distribution of the carbides in the BM specimen were distinctly different
from those of the AM specimen (Figure 4b,c). Figure 5c shows that the interior of the BM
grains contains a dense network of entangled dislocations, with dislocation density notably
higher than that in the AM specimen (Figure 4d). Dislocation density was even higher
in grain boundary regions, forming typical dislocation pile-up structures, as shown in
Figure 5a.

Figure 5. TEM bright-field images showing the microstructure of the BM X70 specimen. (a) Low-
magnification of microstructure, (b) carbide distributed at the grain boundary, and (c) entangled and
intersecting dislocations.

The EBSD analysis results of the middle region of the AM specimen are shown in
Figure 6. The inverse pole figure (IPF) in Figure 6a revealed a random crystallographic
orientation distribution. The grain size distribution in Figure 6d showed an average grain
size of approximately 6.41 μm, with most grains smaller than 20 μm and a few grains
reaching up to 40 μm. The grain boundary map in Figure 6b showed that the high-angle
grain boundaries (HAGBs, ≥15◦) accounted for 72.6% of total boundaries, while the low-
angle grain boundaries (LAGBs, 2–15◦) constituted 27.4%. The fractions of the HAGBs and
LAGBs are further illustrated in Figure 6e. The HAGBs were predominantly located at
PF boundaries, whereas the LAGBs were mainly distributed within PF grains. The kernel
average misorientation (KAM) map in Figure 6c showed that the local misorientation
was confined to a few grains, suggesting limited localized plastic strain accumulation.
The distribution of the local misorientation agreed well with the distribution of LAGBs
(Figure 6b). The KAM histogram in Figure 6f showed an average value of ~0.36◦, with
most values below 1.5◦. The average density of the geometrically necessary dislocations
(GND) can be calculated by the equation ρGND = 2KAMave

μb , where μ is the step size of EBSD
experiment, and b is the length of the Burgers vector. The ρGND of the AM specimen was
(1.89 ± 1.64) × 1014 m−2.

The EBSD analysis results of the BM specimen are shown in Figure 7. Figure 7a
shows that no obvious preferred orientation is observed in the BM specimen. The grain
size distribution in Figure 7d showed an average grain size of 4.91 μm. The grain size of
BM specimen was smaller than that of the AM specimen. The fractions of HAGBs and
LAGBs were 66% and 34%, respectively, as shown in Figure 7b. The fraction of HAGBs in
the BM specimen was lower than that in the AM specimen (Figure 6b). Figure 7e shows
that the misorientation angle distribution of LAGBs peaks around 2◦, indicating that they
are primarily formed by dislocation lines. The KAM map in Figure 7c showed that the
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distribution of local misorientation in the BM specimen was relatively uniform. The KAM
histogram in Figure 7f showed an average value of ~0.53◦ which was higher than that in
the AM specimen (0.36◦), indicating that the local strain in the BM specimen was relatively
high. The ρGND of the BM specimen was (2.56 ± 1.83) × 1014 m−2 which was higher than
that of the AM specimen.

Figure 6. EBSD maps of the middle region of the AM specimen. (a) IPF map, (b) grain boundary
distribution map, (c) KAM map, (d) distribution histogram of grain size, (e) distribution histogram of
grain boundary misorientation angle, and (f) distribution histogram of KAM.

Figure 7. EBSD maps of the BM specimen. (a) IPF map, (b) grain boundary distribution map,
(c) KAM map, (d) distribution histogram of grain size, (e) distribution histogram of grain boundary
misorientation angle, and (f) distribution histogram of KAM.

3.2. Microhardness

Figure 8 shows the microhardness distribution along the depth direction of the AM
specimen. The microhardness of the top region was the lowest, while that of the bottom
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region was the highest. The microhardness gradually increased along the depth direc-
tion, which was consistent with the microstructural heterogeneity through the building
direction (Figure 2a–c). The average microhardness of the AM specimen was calculated
as 179 ± 11 HV. The average microhardness of the BM specimen was 235 ± 7 HV. The
microhardness of the AM specimen is 23.8% lower than that of the BM specimen, attributed
to microstructural differences such as grain size and dislocation density.

Figure 8. Microhardness distribution along the depth direction of the AM X70 specimen.

3.3. Tensile Properties

Figure 9 shows the engineering stress-displacement curves of the AM and BM speci-
mens. The tensile specimens were taken from the middle region of the AM block, as shown
in Figure 1c. The corresponding tensile test results are listed in Table 3. The AM specimen
exhibited a clear yield plateau, indicating the presence of a yield point phenomenon. The
BM specimen exhibited no distinct yield plateau. Due to the absence of an extensometer,
the work hardening behavior beyond the yield point cannot be quantified. However, a
qualitative comparison of the engineering stress-displacement curves of the AM and BM
specimens revealed that the AM specimen exhibited a lower degree of work hardening
than the BM specimen. Compared to the AM specimen, the BM specimen exhibited higher
YS and UTS but lower elongation. According to the API 5L specification standard for
X70 steel [18], the specified minimum YS is 485 MPa, and the minimum UTS is 570 MPa.
However, the measured YS of the AM specimen was 434.8 MPa, which was quite below
the required 485 MPa, indicating that the AM X70 did not meet the API 5L standard. This
is mainly due to the formation of soft PF in the as-deposited microstructure.

Figure 10 shows the tensile fracture morphology of the AM specimen. Figure 10a
reveals a significant necking area, with a measured reduction in area of 84.2% ± 2.7%. This
indicated a significant plastic deformation during the fracture process of the AM specimen.
Figure 10b reveals the presence of gas pores, inclusions and dimples on the fracture surface,
demonstrating a ductile fracture of the AM specimen. The interface between the inclusions
and the matrix was weak, making the interface prone to form micro-voids around them
under tensile loading. Figure 10c,d show magnified views of the dimples. The uniform
distribution and significant depth of the dimples were consistent with the microvoid
coalescence (MVC) mechanism. The dimple sizes were concentrated in the 2–4 μm range.
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Figure 9. Engineering stress-displacement curves of the AM and BM specimens.

Table 3. Summary of the tensile test results of the AM and BM specimens.

Material Yield Strength (MPa) Ultimate Tensile Strength (MPa) Elongation (%)

X70 AM 434.8 ± 36.4 512.6 ± 24.2 42.9 ± 3.5
X70 BM 549.7 ± 46.4 643.7 ± 10.9 27.1 ± 7.1

X70 API 5L ≥485 ≥570 ≥20

Figure 10. Fracture morphology of the AM tensile specimen. (a) Macroscopic morphology, (b) gas
pores and inclusions, (c) uniformly distributed dimples, (d) magnified view of the dimples.

Figure 11 shows the tensile fracture morphology of the BM specimen. Figure 11a shows
significant necking in the BM specimen. The measured reduction in area was 83.4% ± 3.5%,
which was similar to that of the AM specimen. This indicated that both specimens exhibited
comparable necking behavior. Figure 11b reveals the presence of micro-voids and dimples
on the fracture surface. The formation, growth and coalescence of micro-voids were typical
mechanisms of ductile fracture. Figure 11c,d show the magnified views of the dimples. The
dimples in the BM specimen, which varied in size, were irregularly distributed. Figure 11d
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reveals shallower dimples compared to those in the AM specimen, indicating a lower
degree of plastic deformation and inhibited micro-void expansion. The plastic deformation
capacity of the BM specimen was lower than that of the AM specimen.

Figure 11. Fracture morphology of the BM tensile specimen. (a) Macroscopic morphology, (b) micro-
voids on the surface, (c) uneven distribution of dimples, and (d) magnified view of dimples.

4. Discussion

4.1. Influence of L-DED Process on Microstructure Evolution

Experimental results revealed significant differences in the microstructures of the AM
and BM specimens, particularly in grain morphology, size, and carbide precipitation. These
microstructural variations directly influence the strength and ductility of the materials.
The fundamental cause of these microstructural differences lies in the distinct thermal
histories experienced during processing, with cooling rate and thermal cycling being key
determinants of the microstructural evolution pathway [19].

4.1.1. Thermal Process During L-DED

In L-DED, a high-energy laser beam was used to generate a melt pool on the substrate
or previously deposited layers, into which metal powder was simultaneously injected.
Three-dimensional components were fabricated through successive layer-by-layer deposi-
tion. This layer-wise buildup imparted a complex thermal history to the material. Regions
within the deposited layers underwent multiple thermal cycles, each involving rapid
heating to a peak temperature followed by cooling [20].

During the early stages of L-DED, heat was primarily conducted into the substrate.
The low initial substrate temperature created a steep thermal gradient between the melt
pool and the substrate, facilitating efficient heat extraction. As the deposition height
increased, heat accumulated in the deposited material. Subsequent heat must pass through
the previously deposited layers before reaching the substrate. These layers were at elevated
temperatures, which reduced the overall thermal gradient and impaired the heat dissipation
efficiency, resulting in progressively lower cooling rates for subsequent layers [21]. The
above-mentioned thermal process significantly influenced the formation and evolution
of microstructures.
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4.1.2. Phase Transformation of L-DED X70 Steel

It is well established that the cooling time from 800 ◦C to 500 ◦C (t8/5) is a critical factor
determining the microstructure formed during solid-state transformation in low-carbon
steels [22]. The CCT curve of X70 steel was calculated by Jmatpro V7.0 software, as shown
in Figure 12. During continuous deposition, the cooling rates range from approximately
2 to 20 ◦C/s [23]. According to the CCT curve of the X70 steel (Figure 12), these cooling
rates favored the formation of PF [24,25]. However, different cooling rates and transfor-
mation temperature ranges lead to the formation of different types of ferrite. In the first
deposited layer, the low substrate temperature resulted in a relatively high cooling rate,
shifting austenite-to-ferrite transformation to a lower temperature range (600–680 ◦C). The
solid-state transformation occurring within this temperature range was favorable for the
formation of QF (Figure 2c). Figure 1b shows that the deposited block is relatively small. As
the deposition height increased, heat accumulation within the build became increasingly
significant. The temperature range for the transformation gradually increased. In the
middle region, the moderate cooling rate promoted the formation of PF, resulting in an
increased proportion of this phase (Figure 2b). At the top, the temperature range for the
transformation was the highest (650–750 ◦C), coupled with the slowest cooling rate. This
allowed sufficient time for the microstructure to fully grow, resulting in the formation of
coarse PF and QF (Figure 2a).

Figure 12. CCT curve of the X70 pipeline steel. The translucent region refers to the range of cooling
curves in this work corresponding to the transformation from austenite to ferrite.

Related studies have also pointed out that the cooling rates during AM significantly
affect the formation of the deposited microstructure. Ning et al. [10] demonstrated that the
microstructure of the wire-fed AM X80 pipeline steel consists of LB due to the low heat
input and rapid cooling rate. With increasing cooling rate, LB is preferentially formed.
The formation of LB is accompanied by a shift in the transformation mechanism from
a diffusion-controlled process to a mixed-mode mechanism involving both shear and
diffusional characteristics. Wang et al. [26] pointed out that the cooling time t8/5 governs
the continuous cooling transformation behavior of undercooled austenite. Compared to
other heat affected zones in the X100 pipeline steel, the t8/5 of the laser-welded zone is the
shortest (0.6 s), resulting in the formation of microstructure consisting of lath martensite and
large bulk bainitic ferrite. As can be seen from the above comparison, the microstructure
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of the pipeline steel is primarily dependent on the cooling rate. PF tends to form under
relatively slow cooling conditions.

EBSD results show that the grain size of the AM specimen is larger than that of the
BM specimen. This difference arose from their distinct processing routes and thermal
histories. During the layer-by-layer deposition, heat accumulation occurred progressively.
This thermal buildup promoted repeated thermal cycling, leading to gradual coarsening
of the microstructure into coarse PF. No external plastic deformation was applied to the
as-deposited block, except for the mechanical constraints imposed by the substrate [27].
Therefore, the solid-state transformation and microstructural evolution were primarily
governed by the high-temperature thermal cycles during L-DED. In contrast, the TMCP for
X70 steel involved controlled rolling followed by accelerated cooling. As a result, the final
microstructure was dominated by QF, characterized by a flattened morphology induced by
plastic deformation and a refined grain structure due to fast cooling [28,29]. The differences
in processing routes and thermal histories lead to significant variations in microstructure
and mechanical properties.

4.1.3. Carbide Precipitation

TEM results showed that there were two types of carbides formed in the AM X70, as
shown in Figure 4b,c. The rod-shaped carbides in Figure 4b were mainly distributed along
the grain boundary. During the diffusional phase transformation from austenite to PF,
carbon atoms were expelled to the austenite grain boundaries [30,31]. In addition, the quite
large heat accumulation and slow cooling rates provided sufficient driving force for carbon
atom diffusion and Fe3C nucleation and growth [23]. The intrinsic heat treatment during
L-DED is somewhat like the tempering treatment used in the production routes of steel [32].
The main difference between this intrinsic heat treatment and conventional tempering
is that the heating and cooling processes of the deposited layers are relatively fast. The
thermal cycles promoted the precipitation of Fe3C. In contrast, conventional tempering
treatments involve longer durations and higher temperatures, under which M23C6 generally
precipitates from the microstructure and aggregates at grain boundaries [33]. The M23C6

((Cr, Mn, Fe)23C6) exhibits higher stability than the M3C ((Cr, Mn, Fe)3C) [34].
The near-spherical carbides in Figure 4c were concentrated in a small region. These

carbides were transformed from the M/A constituents formed during the cooling process.
During the solid-state phase transformation process, the carbon atoms were ejected from
the ferrite and partitioned into austenite. The carbon can improve the stability of the
austenite. Further cooling led to the transformation of part of the austenite into martensite.
As a result, a small amount of M/A constituents was retained in the microstructure [35].
The intrinsic heat treatment promoted the decomposition of the M/A constituents, resulting
in the precipitation of theses carbides.

4.1.4. Grain Boundary and Dislocation Evolution

EBSD analysis revealed that the proportion of HAGBs in the AM specimen was 72.6%,
significantly higher than that in the BM specimen (66.0%). This difference can be attributed
to the distinct thermal cycles experienced during AM and TMCP. When the deposited layers
were subjected to high temperatures (above Ac3 or between Ac3 and Ac1), grain growth and
recrystallization occur, modifying the as-deposited microstructure. When the temperature
was below Ac1, in situ tempering occurred [23]. In these processes, small grains merged
into large grains, leading to the formation of HAGBs. Meanwhile, the diffusional phase
transformation from austenite to PF were not accompanied by the formation of dislocations.
The pre-existed dislocations underwent rearrangement and annihilation when they were
exposed to the thermal cycles [36], leading to the reduction in dislocation density. As a
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result, the fraction of LAGBs was reduced in the AM specimen. In contrast, the rolling and
controlled cooling processes during TMCP resulted in the formation of a large number of
subgrain boundaries and dislocations in the microstructure. This significantly increased
the fraction of the LAGBs in the BM specimen.

4.2. Influence of Microstructure on Microhardness

The AM specimen exhibited lower microhardness than the BM specimen. Compared
with the BM specimen, the coarse PF grains and low dislocation density in the AM speci-
men contributed to its reduced microhardness. In addition, the AM specimen exhibited a
pronounced microhardness gradient along the building direction. This microhardness gra-
dient was determined by the spatially varying microstructural features. The microstructure
in the bottom region was dominated by QF. QF formed through a mixed mechanism of
diffusion and shear [24]. Its grain boundaries were slightly curved and uneven. It contained
some dislocation tangles and subgrains inside. Therefore, the QF in the bottom region had
higher microhardness. The middle region had a higher content of PF. Fe3C precipitates
were presented within the ferrite grains. The interstitial solid solution strengthening effect
of carbon atoms was significantly reduced due to carbon partitioning into precipitated
carbides. As a result, the microhardness of the middle region was decreased. The coarse
microstructure in the top region contributed to the reduction in microhardness. In contrast,
the BM specimen possessed a fine-grained microstructure and a high dislocation density,
both of which significantly increased the resistance to dislocation motion, leading to higher
deformation resistance [37,38].

Table 4 summarizes the microhardness of the X70 pipeline steel fabricated by different
methods. The microhardness of the arc-welded X70 is lower than the standard, whereas
that of the laser-welded X70 is higher [39–41]. The microhardness is influenced by the
microstructure, which is determined by the cooling rate. The microhardness distribution of
the AM specimen is well below the standard, reflecting the low strengthening capability of
the PF-dominated microstructure.

Table 4. Summary of the microhardness of X70 pipeline steel fabricated by different methods.

Method Microhardness (HV) Refs.

Submerged arc welding 220–240 [39]
Submerged arc welding 206–220 [40]

Laser welding 370–380 [41]
API 5L 240–280 [18]
L-DED 165–197 This work

4.3. Influence of Microstructure on Tensile Properties
4.3.1. Tensile Strength and Ductility

The YS and UTS of the AM specimen were significantly lower than those of the BM
specimen. According to the Hall-Petch relationship, the YS of the metallic material is
inversely proportional to the square root of its grain size [42]. EBSD analysis revealed that
the AM specimen was dominated by coarse PF and exhibits a low grain boundary density,
as shown in Figure 6a,b. In addition, the TEM and EBSD results were consistent in showing
that the AM specimen had a low dislocation density. The L-DED X70 exhibited limited
strengthening capability due to its coarse microstructure and low dislocation density [43].

As shown in Figure 9, the AM specimen exhibited excellent ductility, which was closely
related to its internal microstructure. The AM specimen contained a high proportion of
HAGBs. These HAGBs can deflect the propagation direction of cracks within the material,
causing them to consume more energy during propagation, thereby effectively inhibiting
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crack growth and enhancing the ductility [44]. Additionally, HAGBs facilitated disloca-
tion transmission across grain boundaries, promoting a more uniform strain distribution
throughout the polycrystalline structure and delaying localized necking.

Furthermore, the initial dislocation density in the AM specimen was relatively low,
allowing dislocations to have higher mobility during the early stages of plastic deforma-
tion [45]. This not only alleviated the premature pile-up of dislocations at grain bound-
aries [46], which hindered dislocation movement, but also reduced stress concentrations
that typically triggered micro-void nucleation, further enhancing the ductility.

4.3.2. Fracture Morphology

The fracture surface of the AM specimen exhibited typical ductile fracture charac-
teristics, as shown in Figure 10. The coarse PF matrix, high fraction of HAGBs, and low
dislocation density collectively contributed to a more homogeneous plastic strain distri-
bution. Micro-void nucleation occurred predominantly at inclusions and second-phase
particles. Subsequently, they underwent stable growth and coalescence under uniform
stress conditions. As a result, deep dimples were formed through the MVC mechanism.
In contrast, the dimple morphology in the BM specimen was shallow and non-uniform.
The BM specimen consisted of fine grains and exhibited a high dislocation density. The BM
specimen had high strength but limited ductility, leading to poorly developed dimples, as
shown in Figure 11d.

4.4. Limitations

The L-DED process offers notable advantages for repairing X70 pipeline steel, in-
cluding in situ repair capability, controllable heat input, adjustable powder composition,
and fast repair speed. However, this study also reveals certain limitations. Significant
heat accumulation and slow cooling rates associated with L-DED lead to the formation of
PF. This deteriorates the mechanical properties of the as-deposited X70 steel. The tensile
strength does not meet the mechanical property requirements specified in the API 5L
standard [18]. It is widely reported that the ideal microstructure for X70 steel is AF, which
exhibits superior mechanical properties, including high strength and toughness [47,48].
However, AF formation typically requires higher cooling rates. To optimize the mechanical
properties of the deposited X70, future research could focus on controlling thermal cycles
and cooling profiles to locally enhance the cooling rate, thereby promoting AF formation.

Potential technical solutions include: (i) Adjust the interlayer residence time. Heat
accumulation can be reduced by extending the interlayer cooling time [49]. The next layer
begins to deposit on a substrate at a lower temperature. (ii) Near-immersion active cooling.
The build platform is lowered to bring the deposited layer into contact with a cooling
medium, thereby enhancing heat dissipation [50]. (iii) Spray cooling. A spray cooling
system can be integrated into the L-DED process for interlayer temperature control [51].
The cooling medium can be high-pressure air or liquid nitrogen. These strategies will
be applied to L-DED X70 pipeline steel to improve its mechanical properties through
controlled microstructure development.

5. Conclusions

This study employed the L-DED technique to repair the X70 pipeline steel. The
microstructural characteristics and mechanical properties of the L-DED X70 steel were
systematically investigated and compared with those of the BM. The influence mechanisms
of the L-DED process on the comprehensive performance of the AM X70 were elucidated.
The main conclusions are as follows:
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(1) The microstructure exhibited inhomogeneity along the building direction. From the
bottom to the top, the grains gradually coarsened, and the proportion of PF increased.
From the bottom to the top, thermal accumulation increased, resulting in decreased
cooling rates, which promoted grain coarsening and the formation of PF. The grain
size of the AM X70 was larger than that of BM.

(2) AM X70 exhibited a significantly reduced dislocation density. The high thermal input
and slow cooling rates led to substantial annihilation of dislocation structures. Fe3C
carbides were dispersed both within grains and along grain boundaries. Meanwhile,
the intrinsic heat treatment provided favorable kinetic conditions for carbon diffusion,
as well as for the nucleation and growth of Fe3C.

(3) The microhardness gradually decreased along the building direction. The bottom
region had a high content of QF, resulting in higher microhardness. In contrast, the top
region was predominantly composed of coarse PF, leading to lower microhardness.
The average microhardness of the AM specimen was 179 ± 11 HV which was 23.8%
lower than that of the BM specimen (235 ± 7 HV).

(4) The AM X70 exhibited a YS of 435 MPa and an UTS of 513 MPa. Both the YS and
UTS of the AM X70 were lower than those of the BM and API 5L standard. The
elongation of AM X70 reached 42.9%, which was 58% higher than that of the BM. The
reduction in strength stemmed from the grain coarsening and decreased dislocation
density induced by the L-DED thermal cycles. Meanwhile, the plastic accommodation
ability was enhanced, resulting in substantially improved ductility. In harsh service
environments characterized by complex stress states, the strength of repaired pipeline
steel becomes critically important. Given the current limitations in mechanical perfor-
mance, future work will primarily focus on enhancing the strength of the deposited
X70 steel.
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Abstract

Al–15Sn–5Pb (vol.%) alloy was fabricated by the Laser Powder Bed Fusion (LPBF) method
at laser scanning speeds of 0.8, 1.0, and 1.2 m/s and laser powers ranging from 70 to 130 W.
The samples were synthesized from a mixture of elemental powders using an ONSINT
AM150 3D printer under a flowing argon atmosphere. The structure and mechanical
properties under compression tests of the produced material were investigated as a function
of the volumetric laser energy density (E) during LPBF. It has been established that low
laser energy density during LPBF results in incomplete melting of aluminum particles and
a non-uniform distribution of soft inclusions within the material. Increasing the energy
density ensures a significantly more uniform distribution of the phases, resulting in the
formation of a fine-grained three-phase alloy. It was established that both the ductility and
strength of the alloy improve with the increase in E until a critical value is reached. As a
result, at E ≥ 48 J·mm−3, the ultimate strength of the alloy reaches 100 ± 5 MPa, and its
deformation before fracture is 15 ± 1%. Substituting one quarter of the tin volume with
lead results in a significant increase in the ductility of the LPBF-fabricated aluminum alloy.

Keywords: laser powder bed fusion (LPBF); volumetric laser energy density; critical energy
density; aluminum matrix alloy; microstructure; ductility; compressive strength

1. Introduction

Alloying aluminum with tin imparts antifriction properties due to the increased seizure
pressure under dry and boundary friction. Such alloys find applications as antifriction
materials in plain bearings and as phase change materials in thermal energy applications.
This effect is caused by the ability of tin to be extruded onto the friction surface and to
form a protective tribofilm [1–10]. According to the Russian standard GOST 14113-78 [11],
the tin concentration in aluminum should be limited to 20 wt.% (~10 vol.%), since higher
contents lead to the formation of continuous tin interlayers along the aluminum grain
boundaries, which prevents their bonding into a strong load-bearing framework [12–14].
During plastic deformation, tin does not undergo strain hardening, and its interlayers in
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the loaded material act as areas of localized plastic flow; once incorporated into a shear
band, these interlayers rapidly thin and fracture [14,15].

Therefore, the stronger the aluminum framework in such an alloy—that is, the lower
the tin content—the higher the stress required to initiate plastic flow localization. For
example, samples of the Al-20Sn-1Cu wt.% alloy (containing ~10 vol.% Sn) can withstand
up to 30% tensile strain at an ultimate strength of 100–110 MPa. However, as shown in
Ref. [16], an alloy with twice the tin content exhibiting comparable strength and high
ductility can also be produced by sintering elemental Al and Sn powders. This alloy has a
high seizure pressure under dry sliding against steel [14].

Since tin is insoluble in aluminum and is located between its grains, it could be
expected that an increase in the specific surface area due to grain refinement would promote
the formation of a stronger aluminum framework. However, experimental observations
have shown that even at very high solidification rates of the Al–Sn melt, the precipitated
aluminum solid-phase particles become surrounded by thin shells of liquid tin [17,18].
These interlayers, owing to their small thickness, have a limited reserve of ductility and
rapidly fail once the flow stress reaches a certain level, which causes the fine-grained
Al–20Sn (vol.%) alloy to exhibit high strength but low ductility.

It has been shown [3,19] that continuous tin interlayers can be fragmented into iso-
lated inclusions if Al–Sn castings are subjected to severe plastic deformation followed by
annealing. However, the shape and dimensions of the castings change considerably during
such treatment, while their structure becomes coarser, making these methods economi-
cally inefficient for producing fine-grained materials. To prepare materials with a finely
dispersed microstructure, the Laser Powder Bed Fusion (LPBF) process can be employed,
which is characterized by extremely high heating and cooling rates of the deposited powder
layer [20–22]. Nevertheless, as reported in [22,23], in Al–20Sn (vol.%) alloys produced
by LPBF, a developed tin net still persists despite the reduced thickness of individual tin
inclusions.

It was established in [24,25] that intergranular tin layers can also be disrupted by
metallurgical means, namely by alloying Al–Sn systems with elements forming a eutectic
with tin. For instance, lead—similar to tin—is insoluble in solid aluminum and, during
cooling of the Al–Sn–Pb alloy, segregates to the periphery of aluminum grains as part of a
liquid Sn–Pb film. This intergranular liquid layer decomposes at 183 ◦C into distinct tin and
lead phases. The morphology of these intergranular regions depends on the volumetric
Pb/Sn ratio. In Ref. [26], this ratio was 1:3, i.e., the volume fraction of tin in the melt was
three times higher than that of lead. This Al–15Sn–5Pb alloy produced by LPBF, in which
the total volume fraction of the soft phase (Sn + Pb) was equivalent to that in the Al–20Sn
(vol.%) alloy, exhibited a lower strength but a threefold increase in ductility, which largely
determines the wear resistance of antifriction materials used in sliding bearings [23]. Thus,
the approach of improving ductility through the fragmentation of continuous intergranular
tin layers proved to be effective. It should be noted that lead is less scarce than tin, and its
addition significantly reduces the cost of the material. The mechanisms for improving the
ductility of ternary LPBF alloys are not sufficiently studied, and their investigation is of
great scientific interest.

Unfortunately, in the fabrication of this material, a narrow range of LPBF parameters
was employed, differing only in the laser scanning speed (v) at a constant laser power of
P = 70 W. Consequently, the volumetric energy density (E) delivered to a unit volume of
the powder bed was limited [26]. This parameter can be increased, while keeping other
LPBF parameters constant, only by increasing the laser power, since it is defined by the
following relationship:

E =
P

hsv
,
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where h is the powder layer thickness and s is the hatch spacing [27].
According to Ref. [23], at a laser power of P = 130 W and a scanning speed of

v = 1.2 m/s, a volumetric energy density of approximately E ≈ 40 J·mm−3 was sufficient to
produce Al–20Sn samples with maximum strength and low porosity. Further increases in P
resulted only in a decrease in ultimate strength (σU), while the material ductility remained
low (ε ≤ 3.5%). In the Al–15Sn–5Pb alloy, in addition to tin, the presence of the much
heavier lead requires additional time to achieve uniform concentration in the molten bath.
During cooling of a homogeneous melt, it can be expected that solidification will yield
a material with a more uniform phase distribution and improved mechanical properties.
The time required for concentration equalization at a fixed P corresponds to LPBF regimes
with lower laser scanning speeds. Therefore, the aim of this study is to investigate the
structure and properties of the Al–15Sn–5Pb (vol.%) alloy produced over a wide range of
laser scanning speeds at laser powers between 70 and 130 W.

2. Materials and Experimental Procedure

For the synthesis of the material by the LPBF method, pre-sieved elemental powders
of aluminum ASD-1 grade [TU 48-8-226-87], tin PO-1 grade [28], and lead PS-1 grade [29]
with particle sizes ranging from 25 to 50 μm were used. The powders were mixed in a
Turbula-type mixer for 3 h at a container rotation speed of 30 rpm. A powder blend of
the following composition (vol.%) was prepared: Al–15Sn–5Pb, hereafter referred to as P5
(Figure 1). The base composite of Al–20Sn (vol.%) composition is designated as P0. After
mixing, the prepared powder mixtures were dried in a vacuum furnace at 120 ◦C for 3 h.

 

Figure 1. SEM image of the Al–15Sn–5Pb powder mixture. Bright particles correspond to Pb, gray
particles to Sn, and dark particles to Al [26].

The samples were produced using an AM150 3D printer (ONSINT, Zelenograd, Rus-
sia). The LPBF process was carried out in a chamber filled with high-purity flowing argon,
and the oxygen concentration in the chamber did not exceed 300 ppm. The thickness of the
laser-irradiated powder layer was 30 μm, and this layer was applied to the surface of the
synthesized sample with a squeegee. Each layer was deposited on top of the previous one
onto a AMg6 alloy substrate preheated to 110 ± 5 ◦C using a rubber recoater blade. The
laser scan strategy was linear with a 67◦ rotation between successive layers. The scanning
speeds were 1.2, 1.0, and 0.8 m/s, the laser spot diameter was 75 ± 5 μm, and the hatch
spacing was 90 μm. The laser power varied from 70 W to 130 W in 20 W increments.

The dimensions of the samples were 10 mm × 10 mm × 10 mm. The mate-
rial porosity was determined by the hydrostatic weighing method in accordance with
GOST 20018-74 [30]. Compression tests were performed using an Instron-1185 univer-
sal testing machine (Instron, Norwood, MA, USA) at a crosshead displacement rate
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of 0.5 mm/min. The specimens for compression were cut from the central region of the fab-
ricated samples, with the loading axis oriented perpendicular to the LPBF build direction.
Ends of the compressive specimens were lubricated with graphite prior to testing. For each
LPBF processing condition, at least three specimens were tested.

Metallographic specimens were prepared using a standard procedure: grinding with
SiC abrasive papers of progressively decreasing grit size, followed by polishing on a cloth
pad using a diamond suspension containing particles smaller than 1 μm. The polished
samples were then cleaned in an ultrasonic bath with alcohol.

The microstructure of the polished specimens was examined using a LEO EVO 50
scanning electron microscope (Carl Zeiss, Oberkochen, Germany) equipped with an energy-
dispersive X-ray spectroscopy (EDS) attachment. X-ray diffraction (XRD) data were ob-
tained using a DRON-8H diffractometer (Innovation Center Burevestnik, Saint Petersburg,
Russia) with Cu Kα radiation (λ = 1.5406 Å) over a 2θ range of 10–140◦. The diffrac-
tion patterns were processed using the PDWin V3.0 software package (Innovation Center
Burevestnik, Saint Petersburg, Russia).

3. Results and Discussion

From the given image of the initial powder mixture, it is evident that its components
are distributed relatively evenly, which indicates that the mixing conditions were chosen
correctly (Figure 1). The samples synthesized by the LPBF method consisted of three
phases—Al, α-Sn, and β-Pb (Figure 2)—in full agreement with the equilibrium phase dia-
gram. The amount of energy transferred to a unit volume of the powder bed is presented in
Table 1. As follows from the data, despite the different combinations of P and v, some LPBF
regimes produced samples with similar values of E. This indicates that if E is the dominant
LPBF parameter governing the structure and, consequently, the mechanical properties of the
fabricated composites, then the deformation behavior of samples produced at comparable
E values can be expected to be similar. A total of twelve types of samples were fabricated:
two at E ≈ 26–28 J·mm−3, three at E ≈ 32–34 J·mm−3, three at E ≈ 40–42 J·mm−3, and
two at E ≈ 48–51 J·mm−3. Additionally, single samples were produced at the minimum
(E = 21.6 J·mm−3) and maximum (E = 60 J·mm−3) energy densities.

Figure 2. X-ray diffraction pattern of the P5 alloy produced at v = 0.8 m/s and P = 70 W.
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Table 1. Dependence of the volumetric energy density E (J·mm−3) on the LPBF processing parameters.

Scanning Speed
v, m/s

Laser Power P, W

70 90 110 130

1.2 21.6 27.8 34.0 40.1

1.0 25.9 33.3 40.7 48.1

0.8 32.4 41.6 50.9 60.1

Figure 3 shows the corresponding compressive stress–strain curves for the fabricated
samples. For comparison, the compression curves of LPBF-fabricated samples with compo-
sition P0 produced under the same processing conditions are also presented. As seen from
the plots, the value σU of P0 alloy is in the range of 100–105 MPa and decreases slightly
with increasing laser power. The ductility of the samples also improves marginally under
these conditions (Figure 3a).

  

   
Figure 3. Compressive stress–strain curves of the P5 alloy fabricated by the LPBF method at laser
scanning speeds (m/s): 1.2 (a,b), 1.0 (c), and 0.8 (d). Alloy compositions: P0 (a) and P5 (b–d).

A comparison of the plots in Figure 3a,b shows that under identical LPBF processing
conditions and with the same volume fraction of the aluminum phase, the σ(ε) curves
of the P0 and P5 alloys differ significantly. For the P0 alloy, the segment of the curve
following the elastic region is very short: the flow stress σ rapidly reaches its maximum
value σU at a strain of approximately ε ≈ 1.5% and then sharply decreases due to material
fracture. Increasing the laser power results in a slight reduction in the strength of the P0
alloy and a moderate increase in ductility up to ε ≈ 3%. Thus, grain refinement in the P0
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alloy leads to an increase in flow stress accompanied by a pronounced loss of ductility. The
decrease in ductility of LPBF-fabricated alloys [23,26] is attributed to a sharp decrease in
the ductility reserve of the intergranular tin layers as they become thinner. To support this
conclusion, Figure 3a also shows the compression curve (dashed line) of a sample of the
same composition produced by vacuum sintering. It can be seen that plastic flow of the
sintered sample begins at relatively low stresses and continues even after ε > 20%, while
the material has not yet reached its maximum strength σU.

The shape of the compression curves for the P5 alloy differs from those of P0 by the
greater length of the plastic flow region (Figure 3b). The maximum strength σU of the P5
samples is shifted toward higher strains, reaching ε = 11–12%. The strongest sample was
prepared at E = 40 J·mm−3, with its σU nearly matching that of the P0 alloy produced at the
same energy density. The strength of P5 samples fabricated at lower E values was lower,
although their maximum ductility remained high (ε = 11–12%).

A decrease in the laser scanning speed up to v = 1.0 m/s led to an increase in the
volumetric energy density E. The samples produced at this scanning speed exhibited
slightly higher compressive strength, with the maximum value shifted along the strain axis
to approximately ε ≈ 14% (Figure 3c). Thus, reducing v resulted in a slight improvement
in ductility and an increase in σU, primarily due to a higher yield stress σ0.2 and more
pronounced strain hardening of the material. The strengthening effect was especially
notable for samples fabricated at lower E values.

A further decrease in the scanning speed to v = 0.8 m/s led to an additional increase
in the flow stress of the samples. In this case, the σ(ε) curves of the specimens produced at
laser powers of P = 130 and 110 W nearly coincided (Figure 3d). According to Table 1, these
samples were fabricated at energy densities exceeding E > 48 J·mm−3. Therefore, it can be
assumed that this value of E represents a critical threshold for the P5 composition, and that
its further increase—either by raising P or by reducing v—does not have a significant effect
on the mechanical properties of the synthesized samples (Figure 3).

Thus, it can be concluded that substituting one quarter of the tin volume with lead in
the LPBF-fabricated Al-20Sn alloy resulted in a significant improvement in its ductility. The
alloy strength, however, decreased, especially at energy densities E < 40 J·mm−3. Increasing
E to approximately 48 J·mm−3—either by raising P or by reducing v—provided samples
with the highest combination of mechanical properties.

Since the influence of the energy density E on the mechanical properties of the P5 alloy
is manifested through the characteristics of its resulting microstructure, the corresponding
structural features were investigated. Figure 4 presents microstructural images of the P5
alloy produced at a laser power of 70 W and v = 1.2 m/s (E = 21.6 J·mm−3) and v = 0.8 m/s
(E = 32.4 J·mm−3). That is, in this case, a decrease in v led to an increase in E by ≈50%.

The alloy produced at the lowest energy density E exhibits a heterogeneous phase
distribution throughout the material volume. Moreover, in addition to the phases pre-
cipitated from the solidifying melt, regions of unmolten primary aluminum are present
(dark particles in the micrographs, Figure 4a). These are presumably aluminum powder
particles covered with a thick oxide film. Adjacent to them are gray regions with a eutectic
structure, representing domains of Al–Sn alloy (Figure 4b). The samples also contained a
small number of pores, the proportion of which was 1–2% and was practically independent
of the laser energy at E > 25 J·mm−3. The features of tin distribution indicate that the alloy
formation during laser heating of the powder layer proceeded as follows: neighboring
aluminum powder particles melted and coalesced into larger regions, while liquid tin and
lead were located along their peripheries. Tin began to diffuse into the aluminum regions,
enriching the upper layers of the molten aluminum with Sn, whereas the concentration
decreased with depth. Thus, the upper areas of the molten aluminum regions consisted
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of a tin-enriched liquid, the intermediate layers contained less Sn, and the central regions
were occupied by molten aluminum that had not yet mixed with tin. The undissolved
tin was distributed between aluminum particles and mixed with lead, which precipitated
as discrete particles upon cooling of the Sn–Pb melt. Hence, the relatively low tempera-
ture of molten aluminum and the presence of solid particles hindered the development
of convective flow, so mixing with alloying elements occurred mainly through mutual
diffusion.

  

  

Figure 4. SEM images of the P5 alloy structure fabricated by LPBF at a laser power of P = 70 W and
laser scanning speeds of v = 1.2 m/s (a,b) and v = 0.8 m/s (c,d).

The incident energy density E increases with decreasing laser scanning speed, which
strongly affects the microstructure of the P5 alloy. The number of unmolten aluminum
particles decreases markedly, while the fraction of gray regions—representing Al–Sn mix-
ture areas—increases (Figure 4c). The size and number of Sn–Pb inclusions diminish as
tin dissolves into aluminum, leading to a more uniform distribution of tin throughout the
material. As seen in Figure 4d, convective flows begin to play an increasingly important
role in the mixing of liquid tin with aluminum, alongside diffusion. These flows transport
tin into the larger aluminum regions more efficiently than diffusion alone. The tin-enriched
regions formed in this way are clearly visible in Figure 4d as light-contrast boundaries.
A portion of the tin remains trapped inside the rapidly solidifying aluminum regions as
isolated inclusions. Lead does not mix appreciably with aluminum and is located within
the tin inclusions situated along the outer boundaries of the large aluminum regions.

This elemental distribution is confirmed by the image shown in Figure 5, where the
intensity profiles of the elemental reflections are superimposed on the microstructural
section along the scan line. The image reveals that there are regions of pure aluminum
as well as eutectic regions with a constant Al/Sn ratio in the P5 alloy fabricated at low E.
During solidification, all regions of the melt are divided into large fragments separated
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by thin tin interlayers. Lead, in contrast to tin, is practically insoluble in aluminum and is
located in the intergranular regions together with tin; during solidification of the melt, it
precipitates as discrete particles.

 

Figure 5. Microstructure of the P5 alloy and the corresponding elemental distribution. LPBF
parameters: P = 70 W, v = 1 m/s. Elemental intensity profiles: aluminum (red), tin (green), and lead
(blue). Electron beam scan line is marked by yellow.

The microstructure of the samples produced at the same laser scanning speeds but at
a higher laser power of P = 130 W is shown in Figure 6. A comparison with the previous
micrographs reveals that the structure of the alloy fabricated at higher laser power is more
homogeneous than that of the alloy produced at P = 70 W. Even in the sample prepared
at v = 1.2 m/s (E ≈ 40 J·mm−3), almost no unmolten or poorly mixed regions remain
(Figure 6a), and the tin inclusions—both large and small—observed in Figures 4 and 5
as thin surface layers have nearly disappeared. Relatively fine intergranular inclusions
corresponding to the Sn–Pb eutectic can be seen only at higher magnifications (Figure 6b).

Figure 6c,d show the microstructure of the samples exhibiting the best mechanical
performance—high ductility combined with high strength. This is a consequence of the fact
that the inclusions of soft phases are isolated and do not form a continuous net. Compared
with the previous samples, this structure is even more homogeneous, with almost no tin
segregations in the form of intergranular layers. No areas of unmelted aluminum were
detected. The main part of the material volume is occupied by regions (outlined in yellow
in Figure 6d) where aluminum is uniformly mixed with tin. However, some elongated
regions with a compositional gradient of tin are still present; during solidification, tin was
expelled toward their peripheries. Such regions are much more numerous and larger in
Figure 6b than in Figure 6d, which explains the lower mechanical properties of the samples
(Figure 3d).

A structure similar to the relatively homogeneous one observed in Figure 6d is also
formed at P = 110 W, provided that the incident energy density on the sample surface
exceeds 48 J·mm−3. In this case, due to the high melt temperature, mixing of the compo-
nents occurs predominantly through multiple convective flows. During solidification, a
fine-grained structure is formed in which tin does not have sufficient time to produce flat
inclusions by diffusion (Figure 7b) that would otherwise promote localized plastic flow.
As a result, the strain distribution within the loaded sample remains relatively uniform,
contributing to the simultaneous increase in both ductility and strength of the material
(Figure 3d).
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Figure 6. Microstructure of the P5 alloy. Laser power P = 130 W; laser scanning speeds
v = 1.2 m/s (a,b) and 0.8 m/s (c,d).

  

Figure 7. Microstructure of the P5 alloy. Laser power P = 110 W; laser scanning speeds v = 1.2 m/s (a)
and 0.8 m/s (b).

Thus, the energy density E has a strong influence on the microstructure of the P5 alloy
and, consequently, on its mechanical properties. When E exceeds 48 J·mm−3, numerous
regions with a homogeneous distribution of tin in aluminum, which prevents deformation
localization in the loaded material, are formed during the solidification. In this case, both
the strength and ductility of the alloy are governed primarily by the mechanical behavior
of the aluminum matrix. However, when E is insufficient to ensure intensive and uniform
mixing of tin and aluminum, solidification results in the formation of regions containing
planar tin inclusions (Figure 7a), which reduce the flow stress of the samples (Figure 3). In
this case, lead acts as a beneficial additive, as its particles within the tin interlayers hinder
the formation of extended bands of localized shear.
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4. Conclusions

Based on the obtained results from the study of the structure and mechanical properties
of the Al–15Sn–5Pb alloy fabricated by the LPBF method under various laser irradiation
regimes, the following conclusions can be drawn:

• Substituting one quarter of the tin volume with lead results in a significant increase in
the ductility of the LPBF-fabricated Al–15Sn–5Pb (vol.%) alloy. Therefore, a promising
direction for further research is the study of Al-20(Sn + Pb) (vol.%) alloys with higher
lead content.

• The strength of the Al–15Sn–5Pb (vol.%) alloy depends on the degree of compositional
homogeneity, which is determined by the intensity of melt mixing. The higher the
volumetric laser energy density E delivered to the powder bed, the more intensive
the mixing of components and the higher the strength of the LPBF-fabricated ternary
alloy.

• Increasing E beyond 48 J·mm−3 has practically no significant effect on the mechanical
properties of the Al–15Sn–5Pb (vol.%) alloy.
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