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1. Introduction and Scope

The manufacturing sector relies extensively on ferrous alloys, with steels and cast
irons serving as essential materials for structural and functional components across a wide
range of industries, including automotive, energy generation, and civil engineering.

Cast irons continue to play a significant industrial role due to their excellent castability,
cost-effectiveness, and intrinsic properties, such as vibration damping and wear resistance,
provided by their graphite microstructure. These features make them ideal for complex,
near-net-shape components. However, the rapid technological evolution, especially in
fields such as Concentrated Solar Power (CSP) plants, high-speed motors, and advanced
automotive bodywork, places ever-increasing demands on material performance. This
ongoing progress calls for the development of innovative alloys with improved high-
temperature corrosion resistance, enhanced processing efficiency, and mechanical stability
under severe deformation.

Alongside cast irons, steels continue to represent the cornerstone of numerous indus-
trial and structural applications. Continuous research efforts are crucial for developing
high-performance materials in both families, aimed at improving in-service performance
under increasingly stringent conditions. In particular, steels constituting the core focus of
this Special Issue are subject to intense research directed towards (i) optimizing mechan-
ical properties through controlled microstructural evolution, (ii) mitigating degradation
mechanisms in harsh environments, including hot corrosion by molten salts at elevated tem-
peratures and addressing complex paint failures like filiform corrosion on coated substrates
and (iii) advancing manufacturing precision and structural integrity, through techniques in-
cluding additive manufacturing or novel welding methods designed to minimize structural
defects.

Within this framework, the present Special Issue collects ten high-quality research
papers, addressing these areas of investigation, providing valuable theoretical and exper-
imental insights that advance the understanding of ferrous alloy behavior and promote
sustainable progress in material performance and manufacturing technologies.

2. Contributions

The contributions encompass a wide range of topics, including material behavior un-
der severe plastic deformation, optimization of inclusions in free-cutting steels, microstruc-
tural stability in heat-resistant alloys, and innovative approaches to corrosion prevention.

The first group of papers explores the interaction between ferrous alloys and their
service environments, focusing on corrosion and oxidation under aggressive or functional
conditions. The studies address key degradation mechanisms—such as hot corrosion in
molten salts and filiform corrosion in coated steels—and propose mitigation strategies
including eco-friendly inhibitors and combined thermomechanical-surface treatments.

Metals 2025, 15, 1240 https://doi.org/10.3390 /met15111240
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Abu-warda et al. (Contribution 1) investigated the corrosion behavior of laser powder
bed fusion (L-PBF) 316L stainless steel exposed to various molten salts intended for thermal
energy storage in concentrating solar power (CSP) plants. Corrosion tests conducted at
650 °C and 700 °C revealed that salt composition had a greater influence than temperature.
Chloride-based salts produced the most severe degradation, followed by carbonate- and
nitrate/nitrite-based mixtures. Surface and cross-sectional analyses by X-ray diffractom-
etry (XRD) and scanning electron microscopy (SEM) equipped with energy dispersive
spectroscopy (EDS) identified LiFeO, and LiCrO; as key corrosion products in carbonate
media, while chloride salts induced active oxidation through a chlorine cycle. The results
highlight that L-PBF 316L is unsuitable for CSP systems using chloride salts above 650 °C
without protective measures.

Cristoforetti et al. (Contribution 2) examined the effect of disodium sebacate (SB), an
environmentally friendly corrosion inhibitor, in mitigating filiform corrosion on acrylic-
coated carbon steel substrates. Electrochemical impedance spectroscopy, polarization
tests, and a dedicated filiform corrosion-simulating electrochemical setup revealed that
SB acts primarily as an anodic inhibitor in near-neutral conditions, achieving an inhibi-
tion efficiency of about 98%. When incorporated into the coating primer (1 wt. %), SB
reduced corrosion-creep propagation by about 35% during accelerated weathering. The
molecule mitigated cathodic activity under alkaline, aerated environments typical of fili-
form corrosion and formed a hydrophobic interfacial layer that slows water ingress. These
findings confirm sebacate’s promise as an environmentally benign additive for enhancing
the durability of organic-coated steels against localized delamination phenomena.

Vontorova et al. (Contribution 3) explored the enhancement of the mechanical prop-
erties of low-carbon DCO03 steel through severe plastic deformation via the dual-rolling
equal-channel extrusion (DRECE) method, followed by hot-dip zinc galvanizing. The
effects on microstructure, hardness, and corrosion behavior were evaluated. The DRECE
process enhanced hardness by up to 20%, without significantly affecting the uniformity
or thickness of the zinc coating (of about 70-85 um), while microstructural analyses con-
firmed the presence of a typical Fe-Zn intermetallic layer. Electrochemical testing, based
on Tafel extrapolation, revealed that DRECE treatment had a negligible impact on corro-
sion potential and current, while galvanizing drastically improved corrosion resistance.
Hence, the combined DRECE and galvanizing route provides mechanically strengthened,
corrosion-protected steels suitable for structural and automotive applications.

Another line of investigation explores how thermal treatments and phase transfor-
mation control can be leveraged to optimize the performance of steels. By linking heat
treatment parameters to wear resistance, hardness, and microstructural evolution, the
works collectively demonstrate the value of precise phase control in improving tribological
performance, mechanical balance, and thermal stability.

Li et al. (Contribution 4) investigated the hot deformation behavior and optimized
processing parameters of a Cu-alloyed 4CrisMoCu martensitic stainless steel through
Gleeble-3500 compression tests conducted between 900 °C and 1150 °C and at strain rates
of 0.001-1 s~ 1. The addition of 1 wt. % Cu enhanced precipitation hardening and corrosion
resistance but significantly affected hot workability. Flow-stress data were modeled using
a strain-compensated Arrhenius constitutive equation, yielding an activation energy of
~470 k] mol~! and excellent agreement with experiments. Based on microstructural
analysis and the hot processing map, the authors determined the optimal forging window
at 1125-980 °C and 0.1 s !, which was able to promote dynamic recrystallization and fine
grains, while strain rates > 0.18 s ! caused flow instability. The results provide quantitative
guidance for forging Cu-bearing martensitic stainless steels.
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Wang et al. (Contribution 5) studied the influence of B2 phase precipitation on the
hot ductility of FeppMngAly.cC low-density steel, a candidate material for lightweight
automotive components. High-temperature tensile tests conducted between 800 °C and
950 °C revealed a marked drop in ductility and strength within 850-900 °C, associated
with the dissolution of k-carbide and the emergence of the ordered B2 phase, which
occurred as temperature increased. The B2 phase is believed to cause crack generation
during the hot-forging process. XRD, SEM, and transmission electron microscope (TEM)
analyses confirmed the sequential phase transformations, revealing that the precipitate
promotes intergranular cracking and embrittlement during hot deformation. The findings
demonstrate that avoiding the B2 precipitation temperature range is critical to maintain
hot workability and prevent cracking in FeMnAIC low-density steels.

In the study of Qiao et al. (Contribution 6), the effects of solution treatment tem-
perature on the microstructure, mechanical properties, and wear resistance of Fe-25Mn—
0.37C-3.69Cr high-manganese steel were examined. Samples treated between 900 °C and
1050 °C exhibited grain coarsening after initial refinement, with optimal recrystallization
and uniform austenitic grains at 950 °C. The steel solution-treated at 950 °C achieved the
best balance of tensile strength (574 MPa), yield strength (268 MPa), elongation (88%), and
wear resistance, associated with enhanced work-hardening during friction. The friction
coefficient reached a minimum of 0.273 at this temperature due to oxidation-assisted wear.
The dominant wear mechanism transitioned from abrasive and fatigue wear to adhesive
wear with increasing solution temperature. These findings provide insights for optimizing
heat treatment of alloyed high-manganese steels.

Finally, Timotijevi¢ et al. (Contribution 7) provided an insight into the short-term
microstructural evolution of HP40NDb austenitic heat-resistant steel, a centrifugally cast
alloy used in reformer furnaces, exposed to 950 °C, 1050 °C, and 1150 °C for 2 h and 8 h,
simulating overheating conditions in petrochemical reformer tubes. Optical, SEM/EDS,
and XRD analyses revealed an as-cast austenitic dendritic matrix containing primary
eutectic-like Mp3Cg and MC carbides. Increasing temperature and holding time promoted
carbide coarsening, spheroidization of primary carbides, and progressive dissolution of
secondary Cr3Cy and NbC precipitates into the matrix. The highest hardness occurred
after 8 h at 1150 °C, attributed to partial carbide dissolution and carbon diffusion within
austenite. However, exposure at 1150 °C for 8 h resulted in a reduction in secondary
carbides due to dissolution, leading to the formation of carbide-free zones. The findings
clarify carbide transformation mechanisms under transient overheating and underscore the
importance of microstructural monitoring for extending the service life of reformer tubes
in extreme environments.

The final group of articles delves into the broader processing-structure-property re-
lationships that govern the mechanical and functional performance of steels in industrial
contexts. Topics include microalloying strategies (e.g., Cu, Bi, Te), solidification behavior,
inclusion modification, and hot working behavior. Studies in this section explore inverse
segregation, dynamic recrystallisation, B2 intermetallic suppression, and machinability
enhancement through inclusion engineering. Special emphasis is placed on translating
laboratory insights to real-world applications, highlighting how alloy design, casting con-
trol, and thermomechanical routes interact to define the final performance of advanced
steel components.

The study by Liu et al. (Contribution 8) proposed a novel indentation-free resistance
spot welding method for joining SUS301L stainless steel sheets in paint-free rail vehicle
applications, utilizing a 1.5 mm steel ball as an intermediate filler. The latter was intended
to redistribute current density and confine heat generation within the nugget, thereby
minimizing surface indentation. Systematic variation of welding current (7.0-8.5 kA),
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time (120-210 ms), and pressure (0.35 MPa) revealed optimal joint strength (6414 N) at
8.0 kA and 150 ms, without surface ablation or spatter. The nugget exhibited columnar
austenite and a narrow heat-affected zone, similar to conventional RSW. Under optimized
conditions, indentation depth was <1% of plate thickness, confirming that the proposed
method enables mechanically robust, visually defect-free welds suitable for lightweight
stainless-steel body structures.

Wang et al. (Contribution 9) examined the effects of environmentally friendly alloying
elements bismuth (Bi) and tellurium (Te) on the inclusion characteristics of sulfur-containing
free-cutting steels. Three compositions, S-only, S and Bi, and S, Bi and T, were prepared
and analyzed through metallography, SEM/EDS, and 3D electrolytic etching. The results
revealed that Bi and Te significantly modify MnS inclusions, transforming elongated class
II morphologies into fine flake- or spindle-shaped class III inclusions with lower aspect
ratios (<4), thereby improving machinability and reducing anisotropy. The Te addition
promoted MnS-MnTe composite inclusions of diverse morphologies (heart-, droplet-, or
butterfly-shaped). Both elements decreased the overall inclusion count and homogenized
their distribution. The combined Bi-Te modification offers a sustainable route to lead-free
free-cutting steels with enhanced cutting performance and isotropy:.

Finally, Gao et al. (Contribution 10) investigated the microstructural evolution, texture
development, and strengthening mechanisms of Fe-3.3 wt. % Si non-oriented electrical
steel subjected to double cold rolling and final annealing. Microstructure and texture were
characterized using optical microscopy (OM,) XRD, and quasi-in situ electron backscat-
tered diffraction (EBSD) techniques to reveal recrystallization behavior. The double cold-
rolling route effectively suppressed the detrimental y-fiber and promoted n-fiber texture
formation, optimizing the texture factor and magnetic response. At reduction ratios of
50-65%, the steel exhibited enhanced magnetic induction (B50 = 1.698 T), reduced iron loss
(P10/400 = 21.84 W/kg), and increased yield strength (Rp0.2 = 578 MPa) compared with
single-stage rolling. The combined dislocation-strengthening and texture-control strategy
offers a pathway for high-strength, low-loss silicon steels suitable for next-generation
electrical applications.

3. Conclusions and Outlook

The research compiled in this Special Issue effectively demonstrates the dynamic
and multifaceted nature of current advancements in ferrous metallurgy. The collected
contributions underscore the continued industrial and scientific relevance of advanced
steels and cast irons, particularly in terms of their mechanical, tribological, and corrosion-
related performance.

The findings demonstrate that significant property enhancements can be achieved
through careful control of processing conditions and in-depth analyses of microstructural
evolution. Steels and cast irons maintain a high degree of industrial and scientific relevance,
with potential for enhanced performance. Altogether, the contributions gathered in this
Special Issue offer valuable insight and theoretical support for the design of robust, cost-
effective, and high-performance components, serving as a reference for both academic
research and industrial innovation.
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Abstract: The effects of different molten salts on the corrosion resistance of laser powder bed fusion
(L-PBF) 316L stainless steel was evaluated at 650 and 700 °C. The samples were characterized via
XRD and SEM/EDX after high-temperature corrosion tests to evaluate the corrosion damage to
the L-PBF 316L stainless steel caused by the molten salts. The presence of the salts accelerated the
corrosion process, the chloride-based salts being the most aggressive ones, followed by the carbonate-
based and the nitrate /nitrite-based salts, respectively. The L-PBF 316L did not react strongly with the
nitrate/nitrite-based salts, but some corrosion products not found in the samples tested in the absence
of salts, such as NaFeO,, were formed. LiFeO, and LiCrO, were identified as the main corrosion
products in the samples exposed to the carbonate-based molten salts, due to the high activity of Li
ions. Their growth produced the depletion of Fe and Cr elements and the formation of vacancies that
acted as diffusion paths on the surface of the steel. In the samples exposed to chloride-based molten
salts, the attacked area was much deeper, and the corrosion process followed an active oxidation
mechanism in which a chlorine cycle is assumed to have been involved.

Keywords: 316L stainless steel; L-PBF; molten salts; corrosion; oxidation; thermal energy storage

1. Introduction

Concentrated solar power (CSP) plants have increased in number in recent decades
for decarbonizing the electricity grid due to their ability to integrate cost-effective thermal
energy storage (TES) [1-3]. The use of TES materials that accumulate heat during sunshine
periods and release it during periods of no solar irradiation has been extensive to overcome
the problem of intermittency [4]. In fact, it is expected that 77% of the new CSP plants
will integrate TES systems [5]. The next generation of CSP plants is expected to be more
efficient in terms of energy production and this is directly related to the maximum working
temperature of CSP plants and their capacity to store this energy for a time [6,7].

There are different methods employed for TES, such as latent heat in phase change
materials, thermochemical, or solid sensible heat storage [8]. Sensible heat storage based on
molten salts is the most used. The salt energy content increases with temperature and, when
the material cools, the stored energy is released without any phase change during charge
or discharge [9]. In this context, the current CSP plants use a non-eutectic salt mixture of
60 wt.% NaNOj3; and 40 wt.% KNOs3 [10]. This commercial salt, commonly known as
solar salt, has high heat capacity and low price; however, it also has low thermal stability
limits. Its use supposes that the maximum operating temperature is near 550 °C [11].
In this context, other salt mixtures have been considered to overcome this maximum
operation limit. Particularly, carbonate-based 32K,CO3-35Li,CO3-33NayCOj5 salt (in wt.%)
has a higher thermal stability temperature, but the price of Li;COj3 limits its use [12,
13]. Other TES materials based on chloride salts, such as 23.9KCl-7.5NaCl-68.6ZnCl,
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or 17.8KCl-14NaCl-68.2ZnCl, have been proposed because they meet the requirements
of high thermal stability limits and low price [14]. In addition, chloride salts, such as
NaCl and KCl, are available in large amounts, and when mixed with ZnCl, or MgCl,,
eutectic mixtures with low melting points and high stability limits are achieved. However,
despite these advantages, chloride-based TES materials have not yet been implemented
due to metallurgical problems related to their high corrosiveness [15,16]. For this reason,
more efforts are needed to understand the effect of these new TES materials on the high-
temperature corrosion behavior of metal alloys used as structural components in CSP
plants.

In this context, austenitic stainless steels, and specifically, 316L stainless steel, are the
most used structural materials in many industries, mainly due to their good corrosion resis-
tance, which is attributed to the addition of Cr and Mo [17-19], and their good mechanical
properties at high temperatures [20]. Moreover, its good oxidation resistance makes 316L
stainless steel an excellent candidate to be used in CSP plants and high-temperature parts
such as pipelines or hot tanks manufactured with stainless steel [21-23].

In addition, the manufacturing process also plays an important role in the corrosion
behavior of 316L ss. In a previous study, the influence of the manufacturing process on
corrosion resistance was evaluated in the presence of 17.8KCI-14NaCl-68.2ZnCl, molten
salt [24]. The 316L manufactured by laser powder bed fusion (L-PBF) provided more
corrosion resistance than the wrought one, due to the presence of more pathways for Cr
diffusion associated with a higher number of defects in the microstructure of the L-PBF
samples, facilitating the formation of the protective Cr,O3 scale. In this context, additive
manufacturing (AM) techniques have attracted great interest in recent years to produce
components for different industry sectors.

AM encompasses a set of manufacturing techniques based on the production of com-
ponents through adding material layer by layer from a three-dimensional (3D) model [25].
In the field of metals, L-PBF, also known as selective laser melting (SLM), is one of the most
used AM techniques [26-28]. Among other advantages, these techniques stand out due to
the possibility of manufacturing components with more complex geometries than those
obtained with casting processes [29].

The design flexibility of AM allows the manufacturing of pieces as single compo-
nents, avoiding the need to weld different parts [30]. These new AM techniques could
be implemented in valves, complex pipes, pumps, or complex heat exchangers in the
energy sector [31]. However, the corrosion behavior of alloys manufactured through L-PBF
in aggressive environments has not been studied. In this context, this work presents a
comparative analysis of the corrosiveness of different TES molten salts, analyzing their
effect on L-PBF 316L stainless steel. The results of this research provide helpful information
about both the use of these molten salts as TES materials in the next generation of CSP
plants and their effect on 316L stainless steel manufactured through L-PBFE.

2. Materials and Methods
2.1. Base Material

The austenitic 316L ss produced via L-PBF with a size of 15 x 15 x 3 mm® was
manufactured in a vertical orientation and was provided by Idonial (Madrid, Spain). The
additive manufacturing system was a fiber laser M280 400W (EOS, Krailling, Germany).
The samples were manufactured with 1070 nm laser beam wavelength, 0.07 mm laser spot
diameter, and 195 W power. In addition, 1083 mm/s scanning speed, 20 um layer height,
and 90 pm hatching distance were used. The composition of the powders used in the L-PBF
process was 17.0 Cr, 13.1 Ni, 2.7 Mo, 1.3 Mn, 1.2 5i, <0.1 O, <0.03 C, and Fe (rest) (in wt.%),
and the particle size of the powder was in the range of 20-50 um.

2.2. Corrosion Tests

Hot corrosion tests were performed to evaluate the effect of salt composition on the
316L stainless steel without any surface treatment. In this context, the as-built samples had
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an average surface roughness (R,) of 2.8 & 0.6 um. Different salt mixtures were used for
this purpose, and their composition and nomenclature are shown in Table 1. The first batch
of samples was tested without any salt mixture and was used for comparative purposes.
The second batch of samples was exposed to a nitrate/nitrite-based salt mixture, which
was selected because it is the most implemented molten salt of the four analyzed and was
employed as a reference salt in this work [32]. The KNaNOy combinations are unstable at
the temperature used in this study, but they have been included as a common reference and
to study conditions in which there is a punctual overheating of the system. The third batch
was exposed to a carbonate-based salt mixture [33], and the last two batches of samples
were exposed to two different chloride-based salt mixtures, one rich in ZnCl, [34] and the
other one rich in MgCl, [35]. The latter three molten salts were investigated because they
are promising TES materials for use in CSP plants.

Table 1. Molten salts properties, composition (in wt.%), and nomenclature.

Molten Salt No Salts Nitrates/Nitrite Carbonates Zn-Chlorides Mg-Chlorides
Nomenclature Oxidation KNaNOy LiNaKCO3; NaKZnCl NaKMgCl

Melting point (°C) - 142 397 204 380

Stability limit (°C) - 535 >650 850 >800
KNO;3 - 53.0 - - -
NaNO3 - 7.0 - - -
NaNO, - 40.0 - - -
K,COs - - 32.0 - -
Li,CO3 - - 35.0 - -
NapCO3 - - 33.0 - -

KCl - - - 23.9 17.8

NaCl - - - 7.5 14.0
ZnCl, - - - 68.6 -

MgCl, - - - - 68.2

High-temperature corrosion tests were performed in a dry air atmosphere to simu-
late a punctual failure in the inertization system of a plant using LT 5/12/P330 furnace
(Nabertherm GmbH, Lilienthal, Germany), following the standard ISO/FDIS 17224:2014
for high-temperature corrosion tests [36]. Figure 1 shows a scheme of the testing method
employed for the corrosion tests; two samples were used for each studied condition. A
short exposure time (48 h) was selected, also to simulate the punctual failure in the iner-
tization system. In addition, two temperatures (650 and 700 °C) were employed. These
temperatures were selected because the working temperature is expected to rise in the next
generation of CSP plants and they are near the thermal stability limits of the employed
carbonate-based and chloride-based salts, assuming that this temperature range is not ideal
for the nitrate/nitrite-based salts as it is higher than their stability limit.

The corrosion rate produced on the L-PBF 316L ss exposed to the different molten
salts was quantified using metal loss distribution, via a dimensional metrology analysis.
The analyses were performed by measuring cross-section thickness of the uncorroded steel
(fifty measurements in each sample) at equidistant distances before (eg) and after (ef) the
corrosion test, as Figure 1 represents, using DMR LAS V4 light microscope (Leica, Wetzlar,
Germany) with Image-Pro Plus software (version 7.0, Leica, Wetzlar, Germany). In this
manner, the entire cross-section of the sample was assessed. The difference between ey and
ef was considered as metal loss. For the measurement of the thickness after corrosion tests
(ef), only the thickness of the uncorroded steel was considered. For this reason, it was not
necessary to clean the residual salts and corrosion products from the sample’s surface after
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the high-temperature corrosion tests. The data sets were re-ordered (from greatest to least
metal loss) and plotted as metal loss (in um) vs. cumulative probability (%). This type of
plot indicates the probability (in %) of a certain degree of damage being observed.

<«—— Al,O5crucible

<«—— Molten salt

J | J U B <+——— 316Lsample

S e er g R T

(1) Cross section of the sample before corrosion

I @@000 (I1) Cross section of the sample after corrosion
s
A
e Y [ ag——
\/

Figure 1. Scheme of the testing method employed for corrosion tests.
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2.3. Samples Characterization

The as-built 316L austenitic stainless steel was first characterized by optical microscopy
(OM) to analyze its microstructure. The steel was ground and polished and then electro-
chemically etched with oxalic acid to reveal the microstructure. A LEICA /DMR optical
microscope equipped with Image-Pro Plus analysis software (version 7.0, Leica, Wetzlar,
Germany) was employed for this purpose. The cross-sections of the sample were analyzed
using a scanning electron microscope (SEM, Hitachi 5-3400 N, Hitachi High-Technologies,
Tokyo, Japan) equipped with a XFlash 5010 energy dispersive X-ray spectrometer (EDS,
Bruker, Germany).

The X-ray diffraction (XDR) technique was used to identify the corrosion products. A
Bruker AXS D8 Advance diffractometer was employed using CuK 4 radiation (A = 1.54 nm)
in 6-20 mode. Diffraction patterns were recorded at an angular interval of 20 to 90° and
indexed using the PDF-4 database of ICDD.

3. Results and Discussion
3.1. Characterization of the Starting Materials

The composition of the 316L ss was 17.0 Cr, 13.1 Ni, 2.7 Mo, 1.3 Mn, 1.2 Si, and bal.
Fe (in wt.%). XRD spectrum of the 316L stainless steel manufactured through L-PBF is
shown in Figure 2a. The pattern shows that the sample was characterized only by the FCC
austenite phase (00-003-1209, ICDD).

Figure 2b shows an optical micrograph of the main plane (ZY) of the steel. Its
macroscale structure was determined by the L-PBF process, which depended on the laser-
scanning pattern. In this direction, a layered microstructure can be observed, composed of
a network of melt pools formed from the overlap of the laser-scanning patterns. It can also
be observed that large columnar austenitic grains formed within the melt pools, typical of
this manufacturing process. These were formed in the direction of the thermal gradient
(Z direction) through the melt pool boundaries [37]. Figure 2c illustrates the microstruc-
ture of the alloy at higher magnification. The cellular microstructure that characterizes
the melt pools is shown. This microstructure is related to the manufacturing process,
where a high cooling speed induced non-equilibrium solidification conditions [38]. These
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cells had different morphologies, equiaxed—polygonal or elongated, depending on their
growth direction.

Intensity (a.u.)

)

A
Al

il .

Figure 2. (a) X-ray diffraction analysis, (b) optical microscopy characterization, and (c) SEM micro-
graph of the as-built L-PBF 316L stainless steel sample.

3.2. Measurement of Metal Damage

The use of aggressive salts usually produces the growth of corrosion products, which
can be lost or gained by evaporation or sublimation of gaseous species. These species can
produce slight distortions in mass change measurements and, therefore, the corrosion and
damage suffered by the 316L stainless steel was analyzed using dimensional metrology
analysis. The metal damage produced in the 316L L-PBF stainless steel after its exposure to
the different salt mixtures in terms of metal loss (in um) vs. cumulative probability (in %)
is represented in Figure 3a.

As expected, in all the tested salt mixtures, the steel suffered more damage at
700 than at 650 °C. However, the effect of temperature was negligible in the samples
tested without any salt mixture, and for both temperatures, the metal loss was very low
(~25 um). Nevertheless, different trends can be observed in Figure 3a. The plots of the
samples exposed to high temperatures without any molten salts (oxidation test) were
straight at both temperatures and metal loss values were almost constant, indicating that
no localized attack was produced, and that the oxidation process was continuous in all
the samples, favoring the grown of an oxide layer with a similar thickness along the entire
surface. The same trend was observed in the samples exposed to KNaNOy molten salts,
probably because at these temperatures, KNaNOy is unstable and breaks down easily.
However, the samples exposed to LiNaKCOj3; molten salts at 650 and 700 °C suffered a
more heterogeneous attack. As a representative example, results for the samples tested at
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700 °C showed that approximately 20% of the surface underwent more attack compared
with the other 80% of the surface, which suffered less attack. The same trend was observed
in the samples exposed to NaKZnCl and NaKMgCl at 700 °C, where almost 10% and 15%
of sample surface, respectively, underwent more corrosion. The localized attack shown
in these samples can be attributed to chloride’s aggressiveness, which accelerated the
corrosion process in some areas.
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Figure 3. High-temperature corrosion behavior of L-PBF 316L stainless steel in the presence of
different TES molten salts at 650 and 700 °C for 48 h: (a) metal loss (in pm) vs. cumulative probability
(in %) and (b) average metal loss results (data of NaKZnCl samples from Ref [24]).

Figure 3b shows the average metal loss data reported from Figure 3a, for the L-PBF
316L stainless steel after its exposure to the different molten salts to classify these based on
their aggressiveness. As expected, the most aggressive salts were those rich in chlorides,
particularly NaKZnCl, followed by NaKMgCl. At 700 °C, these salts increased the metal
loss twenty and fifteen times compared with the samples exposed to high temperatures
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without any molten salts. KNaNOy and LiNaKCO3; molten salts produced lower damage
in the stainless steel and increased the metal loss four and five times at 700 °C compared
with the samples exposed to high temperatures without any molten salts. In addition, the
metal loss increased when the exposure temperature was raised to 700 °C in all the molten
salts tested.

3.3. Corrosion Products Characterization
3.3.1. Visual Analysis

The macrographs presented in Figure 4 show the surfaces of the samples after their
exposure to the different TES materials. As can be seen, the composition of the salt
had more influence than the exposure temperature because according to their degree
of damage, there were no relevant differences between the samples tested at 650 and
700 °C. However, the exposure to the molten salts produced huge increases in oxides
and corrosion product content on their surfaces. The steels exposed to high temperatures
without any salts (oxidation tests) still showed their metal surface, while the samples
exposed to nitrate/nitrite-based salts and carbonate-based salts no longer showed their
metal surface (Figure 4). In these samples, a continuous layer of oxides/corrosion products
was formed, but these still adhered to the sample. Otherwise, the 316L stainless steel
samples exposed to chloride-based salts were highly attacked and corroded. The oxides
and corrosion products exerted extreme delamination in these samples. These results
are in accordance with those reported in Figure 3, which also confirmed not only the
stronger influence of molten salt presence compared with difference in temperature in the
corrosion process but also the order of aggressiveness of the studied TES materials. The
nitrate/nitrite-based and carbonate-based molten salts were much less aggressive than the
chloride-based molten salts.

Oxidation KNaNOx LiNaKCO, NaKzZnCl NaKMgCl

650 °C

700 °C

Figure 4. Surface morphology of L-PBF 316L stainless steel after its exposure to high-temperature
corrosion tests at 650 and 700 °C for 48 h in the presence of different TES materials.

3.3.2. XRD Characterization

Figure 5 shows the XRD patterns of the tested samples at 650 °C, Figure 5a, and 700 °C,
Figure 5b, and Table 2 shows a list of the XRD-identified species to facilitate the analysis of
the results. According to the visual examination shown in Figure 4 of the samples exposed
to high temperatures in the absence of molten salts, the prominent peaks were those of
austenite y-Fe; however, some small peaks of hematite (Fe;O3) and spinel ((Mn,Fe)CryOy)
oxides were also identified at both tested temperatures.
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Figure 5. XRD patterns of the L-PBF 316L stainless steel after its exposure to different TES materials
at (a) 650 and (b) 700 °C for 48 h.
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Table 2. XRD-identified species on the L-PBF 316L stainless steel after high-temperature corrosion
tests in the presence of different salt mixtures at 650 and 700 °C for 48 h. The dominant peaks are
marked in bold for each test.

Steel/Deposit Oxidation KNaNOy LiNaKCO3 NaKMgCl NaKZnCl
Cl‘2 03
liaeFeOOZ (Mn,Fe)Cr,0,
y-Fe F8203 Fe304 Fe3 04 NiCrz 04
650 °C Fe,O; NiC3r é LiFeO, MgO ZnCry04
204 : -
(Mn,Fe)CrpyOy (Mn,Fe)Cr, 0, LiCrO, v-Fe FE—ZF.?
v-te NaCl
CI‘2 03
NaFeO, (Mn,Fe)CryO4
y-Fe F8203 Fe304 Fe3 04 NiCI‘2 04
700 °C Fe203 Fe304 LiFeOz MgO ZIICI'204
(Mn,Fe)CrpO4 NiCr; Oy LiCrO, v-Fe Fep O3
(Mn,Fe)CryOy4 v-Fe
NaCl

In the samples exposed to the KNaNOj salt mixture, the main peaks were associated
with NaFeO, [39]; however, some oxides that adhered well to the surface (Figure 4), such
as Fe, O3, Fe304, (Mn,Fe)Cr,O4, and NiCr,O4, were also identified. Peaks of y-Fe were
identified at 650 °C but not at 700 °C. This is because of the presence of a thicker layer of
oxides and corrosion products in the sample tested at 700 °C (see Figure 3), which would
prevent the identification of the y-Fe phase via XRD.

The XRD patterns of the 316L stainless steel tested under LiNaKCO3 molten salts at 650
and 700 °C revealed that at both temperatures, the corrosion products formed on the samples’
surfaces were LiFeO,, LiCrO,, and Fe304. These were the main corrosion products, and Luo
et al. [40] also identified these peaks when they studied the corrosion of the same stainless steel
by LiNaK carbonate molten salt at 600 and 700 °C. Gonzalez-Fernandez et al. [41] analyzed
the corrosion products formed in 310 ss (24.9% Cr) at 600 °C for a longer exposure time (600 h)
in dynamic conditions and also found the presence of Fe3O4, LiCrO,, and Li(Fe,Ni)O, as the
main corrosion products. This means that the short exposure time was enough to produce the
lithiation reaction of the grown oxides. Gonzalez-Ferndndez et al. also found the presence of
MnNisOg and K;NiOj; in contrast, however, in our case, these compounds were not identified
at lower exposure times.

In the samples exposed to the NaKMgCl and NaKZnCl chloride-based TES materials,
peaks of y-Fe were also identified; however, in this case, the peaks appeared due to the high
delamination suffered by the oxide coating, as Figure 4 previously revealed, that exposed
the uncorroded material to the surface. In the samples exposed to NaKZnCl molten salt,
peaks of Crp,O3, ZnCryO4, and NiCr,O4 were also identified at both temperatures. However,
in the NaKMgClI molten salt, the most relevant result was the presence of MgO, which
other authors also identified as a corrosion product in Ni-rich alloys [42,43]. In this context,
Gong et al. [44] analyzed the compatibility of Fe-based alloys with purified molten MgCl,-
KCl-Na(l salt at the same temperature (700 °C) for longer periods and they also found the
formation of MgO as the main corrosion product after 1000 h.

3.3.3. Cross-Section Characterization

Figure 6 shows the SEM analysis of the cross-section of the L-PBF 316L ss exposed
to 650 and 700 °C without any molten salts. The microstructure of the grown oxide layer
was extensively characterized in a previous study [24]. It was formed of a homogeneous
coating of ~6 and ~9 um thickness on the samples tested at 650 and 700 °C, respectively,
and it was composed from the inner to the top surface of MnCr, Oy, Fe;O3, and FeCr,Oy.
In addition, the oxide layer adhered well to the substrate; no delamination or cracks were
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observed in the substrate—oxide interface, as Figure 6¢c shows at higher magnification for
the L-PBF 316L stainless steel exposed at 700 °C for 48 h.

15.0kV 14.6mm x5.00k BSECOMP

700 °C

15.0kV 9.9mm x10.0k BSECOMP

Figure 6. SEM characterization of the L-PBF 316L ss exposed to dry air atmosphere at (a) 650 °C and
(b,c) 700 °C for 48 h at different magnification (Adapted from Ref. [24]).

Figure 7 shows the SEM micrographs of the L-PBF 316L stainless steel exposed to
the KNaNOy salt at 650 °C (Figure 7a,b) and 700 °C (Figure 7c—e). The main difference
observed between the two test temperatures was the thickness of the grown oxides coating,
which was of ~8 um and ~20 um thickness at 650 and 700 °C, respectively. Figure 7a shows
that there was not a great reaction of the steel with the salt mixture, probably because at
this range of temperatures, KNaNOy salt is unstable and breaks down easily. Nevertheless,
some important differences were seen compared with the samples tested in that absence of
salt and different layers were observed in the grown coating, as the EDX map of Figure 7b
shows. The inner layers were rich in Mn, Cr, and Ni and, according to the XRD results,
(Mn,Fe)Cr,0O4 and NiCr,O4 oxides grew. The intermediate and outer layers had more
content of Fe and Na, and they may have been composed, respectively, of Fe30,, Fe;O3,
and NaFeO,. The formation of iron oxides was mainly initiated by the reaction of iron with
the oxygen of the atmosphere and NaFeO, was produced due to the reaction of Na,O with
these iron oxides. Ahmed [45] also found NaFeO, on 304 stainless steel after exposure to
eutectic KNO3-NaNOj and he explained the presence of a sodium iron oxide phase on the
top region of the bulk corrosion scale with the following reactions (1) and (2):

2NaNO; <+ NayO + NO + NO, (1)

NazO + Fezog <~ 2NaFeO2 (2)
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NaFeO,
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Figure 7. SEM and EDX characterization of the L-PBF 316L ss exposed to the KNaNOy: (a,b) cross-
sectional analysis of samples exposed at 650 °C and (c—e) cross-sectional and superficial analysis of
samples exposed at 700 °C for 48 h.

In addition, the presence of K,CrO4, which was not identified with XRD, would
explain the presence of K in the EDX map, as it has been observed in Fe-Cr alloys in
presence of KCl [46]. Other authors, such as Sandoval-Amador et al. [17] and Zhang
et al. [47], analyzed the corrosion of conventionally manufactured 316L ss in presence of
molten NaNO3-KNO3-NaNO, and NaNO3-KNOjs at lower temperatures (450 to 550 °C for
150 h), and they identified iron and spinel oxides as the main corrosion products. Gomes
et al. [48] analyzed the behavior of the same stainless steel in a mixture of 60 wt.% NaNOs
and 40 wt.% KNOj; at 550 °C, and again, they found Fe;Os, Fe3O4, and FeCryO4 as the
main scale products. In their study, the thickness of the scale layer formed on AISI 316L
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was 6.9 £ 2.1 pm, like that reported in the present study; however, while the exposure time
was longer (3000 h), the exposure temperature was 100 °C lower.

Figure 7d shows the surface of the L-PBF 316L ss after its exposure to the KNaNOy at
700 °C. The red arrows in Figure 7d indicate the accumulation of oxides in some areas and,
at higher magnification, the morphology of the oxides forming small octahedral crystals
of ~5 um can be differentiated (Figure 7e). The EDX analysis performed in this area (in
Figure 7d) revealed the presence of only Fe, Na, and O, which are associated with NaFeO,
and Fe-rich oxides.

Figure 8 shows the SEM micrographs of the L-PBF 316L stainless steel exposed to
carbonate-based (LiNaKCOj3) molten salts at 650 °C (Figure 8a—c) and 700 °C (Figure 8d-g)
for 48 h. The continuous oxide layer shown previously using the KNaNOj salt was not
observed, but the degree of corrosion was slightly superior at 650 °C, Figure 8a. In addition,
Figure 8b shows at higher magnification that the area near the surface was porous and full
of cavities and holes (marked with red arrows in Figure 8a,b). These vacancies were left
by the depletion of some elements, thereby forming diffusion paths [49]. The formation
of these diffusion paths during the high-temperature corrosion process can be attributed
to unbalanced diffusional processes known as the Kirkendall effect. In this area, the main
elements of the alloy (Fe and Cr) were not present, as the EDX mappings of Figure 8c
revealed. In contrast, this area was enriched in Ni and Mo. Otherwise, the presence of
Li could not be detected through EDX (it is important to consider the low sensitivity of
EDX to light elements), but some Li-rich phases, such as LiFeO, and LiCrO,, were detected
with XRD, as shown in Figure 5. The high activity of Li ions in the molten salt produced
their reaction with Fe and Cr-rich oxides, forming Li-rich compounds (LiFeO, and LiCrO;)
following reactions (3) and (4). LiCrO; has a higher solubility than LiFeO, in the molten
carbonate salt; therefore, a stable LiFeO, layer gradually formed on the top.

Fe,O3 + O?~ + 2Li* » 2LiFeO, 3)

Cr,O3 + O*~ + 2Li* «» 2LiCrO, (4)

Keijzer et al. [50] analyzed the presence of Li-rich compounds on AISI 304 stainless
steel, showing an outermost Fe-rich layer followed by a Cr-rich layer next to the steel. The
LiCrO; layer acted as a strong diffusion barrier for metal ions on top of the oxide layer,
while the LiFeO, layer above helped to protect the Cr-rich layer from chromate formation.
However, at the same time, the formation of these layers produced high stress in both the
metal and the oxide layers and led to cracking. This probably produced the delamination
of the metal at 700 °C shown in Figure 8d,e under high magnification.

Sarvghad et al. [51] tested the same molten salts with conventional 316 stainless steel
and reported that the steel did not suffer severe damage and no localized dealloying was
produced. However, they tested the steel at lower temperatures (450 °C). In addition, Luo
et al. [40] employed the same TES material in 316L ss. They reported that the corrosion
process was mainly divided into four steps: (i) oxidation of the alloy, (ii) lithiation reaction
of the oxides, (iii) formation of a dual-structured corrosion scale, and (iv) spallation of
corrosion products. These steps may also be valid for the present work, but probably with
changes in the kinetic reactions attributed to differences in the alloy’s fine sub-granular
cellular microstructure caused by the manufacturing process. Figure 8f represents the
surface of the 316L exposed to LiNaKCOs5 at 700 °C, and the Li-rich corrosion products and
the oxides forming octahedral crystals are shown at higher magnification in Figure 8g.

Figure 9a shows the SEM analysis of the L-PBF 316L ss after its corrosion by NaKMgCl
molten salts at 650 °C. In this case, the steel suffered severe damage, and the affected
area was much deeper than with the previously analyzed molten salts. The steel was
full of corrosion pathways, and different layers of corrosion products were detected, the
outer one being formed by oxides. The corrosion process followed an active oxidation
mechanism in which a chlorine cycle is assumed to have been involved due to the molten
salt’s presence, where MgO originated from the spontaneous decomposition of MgOHCI,
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which was generated from the hydrolysis of hydrated MgCl, as MgCl,-H,O, following
reaction (5). Then, chlorine reacted with metal elements to produce volatile metal chlorides
via reaction (6), escaping the corrosion system [52]. In this context, some alloying elements
like Cr, which has lower standard electrode potential in molten chlorides compared with
Fe or Ni, could not avoid the corrosion process [53]. In this system, volatiles like CrCly
and oxide precipitates like MgO are considered the main corrosion products based on the
thermodynamic calculation [54].

650 °C  650°C

Metal delamination

700 °C 700 °C

" "200um | 20.0kV 10.8mm x1.00k BSECOMP

=2'oY X ' ¥ s T TN
15.0kV 10.6mm x500 BSECOMP ' ’iOOum 15.0kV 10.6mm x2.00k BSECOMP

Figure 8. Cross-sectional and superficial SEM/EDX characterization of the L-PBF 316L ss after its
exposure to the LiNaKCOj3 TES material at (a—c) 650 °C and (d—g) 700 °C for 48 h.
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MgCl, + H,0 «» MgO + 2HCl (5)
nCl, + 2M < 2MCl,, (6)

Element weight (%) | & Element weight (%)
Fe 309+7.6 Fe 14.7+0.1
Ni 36.3£8.3 Ni 1.1£03
Cr 23:0.1 Cr 44.9+4.7
[o] 19.5+9.3 o 32.6+2.6
Mg Mg 6.0+1.1
cl 2.8+13 cl 04+0.1
Na 7.9+5.7 Na 0.3+0.5
K 0.7+0.4 K 0.2+0.1

Figure 9. SEM/EDX characterization of the L-PBF 316L ss exposed to the NaKMgCl TES material for
48 h at (a) 650 °C and (b) 700 °C.

Figure 9b shows the exposed L-PBF 316L stainless steel surface at 700 °C. This mi-
crograph shows the inner and outer layers of corrosion products because the outer layer
spalled off in some regions. The border of these two different scales can be appreciated;
punctual EDX analysis was performed on each region. The inner layer, marked in Figure 9b
as (1), was rich in Fe (31%), Ni (36%), and O (20%); however, the presence of other elements
such as Cr (2%) or Mg (no signal) was residual. In contrast, the outer layer of corrosion
products, identified in Figure 9b as (2), was higher in Cr (45%), O (32%), and Mg (6%), but it
had a lower amount of Fe (15%) and no evidence of Ni. According to these results, MgO, as
also identified by Wang et al. [43], MgCryO4, and other Cr-rich oxides were formed above
the layer of corrosion products.

Figure 10 represents SEM micrographs of the L-PBF 316L ss after its exposure to
NaKZnCl molten salts at 700 °C. The behavior of the steel under this TES material was
also analyzed in a previous study [24]. Figure 10 shows how the corrosion progressed
through the fine sub-grains characteristic of the L-PBF manufacturing process, without
generating preferential paths for diffusion of chlorides. In this context, a high number
of pathways associated with the high number of grain boundaries in the microstructure
of L-PBF parts were available for the diffusion of Cr to the surface and this facilitated
the enrichment in Cr near the surface and the formation of a Cr,O3 scale. However, the
presence of the NaKZnCl molten salts induced an active oxidation mechanism, which
promoted the chlorides” formation on the steel surface through the reaction of the grown
CrpOs5 scale with the ZnCl, salt (see reaction (7)) [55] and accelerated the corrosion process
through the formation of MCly products, as reactions (8) and (9) show. The chlorides
diffused through the Fe-rich oxides to the oxide-metal interface, leading to the formation of
solid iron chloride. However, the high volatility of the iron chloride provoked its diffusion
backwards through the non-protective Fe-rich oxide layer.

ZI’ICIZ + CI‘203 + 1/202 <~ ZI’ICI'204 + C12 (7)

Fe + Cl, +» FeCl, (8)
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Cr + Clp +» CrCly 9)

15.0kV 10.3mm x300 BSECOMP

Figure 10. Cross-sectional SEM analysis of the L-PBF 316L stainless steel exposed to the NaKZnCl
TES material at 700 °C for 48 h at (a) X300 and (b) x2000 magnification.

Once a sufficient oxygen partial pressure was reached, the chlorides destabilized and
formed Cr,O3 or Fe;Os, while Cl, regenerated (reactions (10) and (11)). These reaction
steps were continually repeated, causing severe damage in the alloy. In that case, the
large amount of oxides and corrosion products on sample surface could have prevented
the detection via XRD of the Fe3O4 phase identified in the samples exposed to NaKMgCl
molten salts, but this does not mean that it was not present where Fe;O3 had grown on top
of the Fe3O4 layer.

2F€C12 + 3/202 <~ Fe203 + 2C12 (10)

2C1‘C12 + 3/202 <~ CI‘203 + 2C12 (11)

The high corrosion rates observed for the L-PBF 316L stainless steel, particularly
in those samples exposed to the Cl-rich salt mixtures, highlight the importance of other
alternatives, as the use of protective coatings [56,57], surface modification methods [58-60],
the purification of the salts to avoid the presence of contaminants that can accelerate the
corrosion process [44,61-63], or the use of corrosion inhibitors [64].

In addition, further investigations should be performed using an inert gas in absence of
an air atmosphere, because hydrolysis products, e.g., HCl and MgOHCI, can accelerate the
corrosion process, particularly in the presence of chloride-based salts. From this research,
we can conclude that this alloy cannot be a feasible option to consider in the design of a
plant which will use chloride-based molten salts at temperatures above 650 °C or, at least,
not under the studied conditions where a failure in the inertization system was simulated.

4. Conclusions

The behavior of the L-PBF 316L stainless steel was more affected by the compositions
of the investigated molten salts than by an increase in temperature from 650 to 700 °C, the
most aggressive salts being those rich in chlorides.

A homogeneous and well-adhered oxide layer was formed on the surface of L-PBF
316L stainless steel exposed to high temperatures without any molten salts. In addition,
there was the L-PBF 316L stainless steel did not react strongly with the KNaNOy salt,
partially because of the degradation of the salt at the temperatures used. In these samples,
the inner layers of the oxide coating were formed of (Mn,Fe)Cr;O4 and NiCr;Oy4 and the
outer layer was composed of NaFeO,, Fe;04, and Fe,Os.

The high activity of Li ions in the LiNaKCO3 molten salts produced their reaction with
Fe and Cr-rich oxides, forming LiFeO, and LiCrO, as the main corrosion products, and
their growth produced the depletion of Fe and Cr elements and the formation of vacancies
which acted as diffusion paths in the surface of the steel.
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In the samples exposed to chloride-based molten salts, the corroded area was much
deeper and the corrosion process followed an active oxidation mechanism where chlorine
reacted with metal elements to produce volatile metal chlorides which accelerated the
corrosion process.
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Abstract: The study investigated the effect of sebacate as a corrosion inhibitor for acrylic-coated steel.
Specifically, it examined its impact on mitigating a frequent case of paint delamination, known as
filiform corrosion (FFC), through a chosen weathering test designed to stress the degradation of the
produced samples. Sebacate was demonstrated to be an efficient organic molecule for enhancing the
corrosion resistance of steel. This efficacy was evaluated through electrochemical characterization
based on electrochemical impedance spectroscopy measurements and potentiodynamic polariza-
tion curves, including the application of an FFC susceptibility prediction methodology based on
measurements obtained in FFC-simulated electrolytes. An inhibition efficiency of 98% was mea-
sured in near-neutral saline solutions compared to conditions lacking inhibitor presence. During
FFC simulation, the primary effect observed was associated with a reduction in cathodic activity
evolution. Furthermore, a significant reduction in corrosion creep evolution of 35% was found. These
experimental findings aligned closely with the outcomes projected by the simulated investigations.

Keywords: steel; corrosion; corrosion inhibitors; organic coatings; sebacate; filiform corrosion;
weathering; material degradation

1. Introduction

Organic coatings are widely employed to safeguard steel substrates from corrosion
while preserving their mechanical and functional integrity [1-4]. These coatings typically
need to fulfill three primary requirements: adhesion to the substrate, barrier properties
against ions and water, and corrosion inhibition [5]. Traditional corrosion inhibitors, often
containing chromium (VI) and other toxic compounds, pose environmental and health
concerns, necessitating the exploration of safer alternatives [6,7]. Over the years, various
environmentally friendly inhibitors have been investigated [8-11], including carboxylic-
acid-based molecules known for their ability to form complexes with iron ions, thereby
competing effectively with chloride ions [12,13]. Despite their efficacy, the precise mech-
anism of corrosion mitigation by carboxylates and dicarboxylates remains incompletely
understood, although the hydrophobic nature of the resulting thin layer is believed to
play a crucial role [14-17]. Notably, the efficiency of carboxylates is influenced by their
chain length, with a critical length observed for both mono- and di-carboxylates beyond
which their inhibition effectiveness drops significantly due to micelle formation [13,18].
For dicarboxylates on mild steel, there is typically a minor rise in inhibition with increasing
chain lengths to a moderate extent. This is succeeded by a rapid escalation to high levels
of inhibition, which then experiences a sudden decrease at longer chain lengths [18]. This
intricate behavior reflects the simultaneous occurrence of competing processes, including
the formation of carboxylate complexes, the adsorption of molecules, and the formation
of micelles or hemi-micelles. Hefter et al. [18] depicted a model of the surface interac-
tion mechanism, suggesting that the interplay of these equilibria, potentially complicated
further by their kinetics, accounts for the observed effects as chain lengths vary.
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Moreover, a correlation was established between corrosion inhibition and the number
of carboxylate groups [19]. This study revealed the dependency of the corrosion efficiency
of organic molecules containing carboxylate groups on molecular structure features, such
as steric effects, electrostatic effects, and electron attractor or donor capabilities.

Carboxylates are classified as non-oxidizing inhibitors, offering corrosion protection
in aerated solutions; on the other hand, they demonstrate ineffectiveness in de-aerated
solutions [20-22]. This behavior, when dissolved oxygen is present, could be explained
by the conversion of anodically generated soluble Fe(II) compounds into the more sta-
ble and protective ferric state (Fe(Ill)). Carboxylates primarily target localized defects
within the thin oxide layer, whereby corrosion is mitigated by sealing these defects with
corresponding weakly soluble Fe(Ill) compounds and molecule adsorption in the sub-
strate [23,24]. In this context, a dicarboxylate compound such as disodium sebacate (SB,
Cy0H16NapOy4), shown in Figure 1, is a suitable candidate to consider. Amidst the pursuit
of environmentally benign inhibitors, in recent studies, SB has emerged particularly due
to its potential for intercalation in the burgeoning field of a novel type of ceramic-based
drug delivery system, namely layered double hydroxides, offering promise as an efficient
smart pigment [5,13,25,26]. Thanks to the ion exchange properties inherent in such a lamel-
lar ceramic structure, molecules such as corrosion inhibitors, once intercalated during
synthesis or in a subsequent treatment phase, can be accommodated within the structure
and gradually released in the presence of other ions, typically chlorides [27]. However,
their effectiveness in mitigating the specific yet common paint failure known as filiform
corrosion (FFC) [28] remains largely unexplored. This lacuna persists even though the
delamination mechanism underlying FFC stems from a combination of distinct reactions
and chemical environments at the metal—-paint interface [29,30]. Consequently, a targeted
investigation is warranted, as the performance metrics derived from cathodic delamination
tests, adhesion assessments, and water permeation studies may not be directly applicable
to this particular case study. FFC progresses through an anodic undermining process at the
metal-paint interface, driven by differential aeration cell formation along the filament’s
length [31]. This phenomenon is influenced by factors such as humidity levels, coating
defects, intermetallic particles, and oxygen availability [32,33]. Conceptually, FFC can
be viewed as an electrochemical process characterized by spatially distinct anodic and
cathodic regions along the threads [34,35]. The progression of FFC is driven by a potential
difference (AEpgc), with current density (icorr rrc) indicative of its propagation. While
FFC usually does not affect structural integrity, it causes severe paint detachment. This
compromises the protective coating and can lead to further general corrosion.

@) Na+

®)
O

O

+

Na

Figure 1. Representation of disodium SB structure.

This study seeks to explore the effectiveness of SB as a corrosion inhibitor for prevent-
ing FFC in acrylic-coated steel substrates. Initially, a comprehensive inhibitor evaluation
involving chemical and electrochemical analyses, such as Fourier transform infrared spec-
troscopy (FTIR-ATR), potentiodynamic polarization curves (PDPs), and electrochemical
impedance spectroscopy (EIS), was conducted. Subsequently, a detailed investigation into
preventing anodic undermining failure was undertaken. The necessity of these assessments
arises from the need to comprehensively understand the efficacy of SB in corrosion pre-
vention, particularly in the context of FFC on organic-coated steel, which has remained
understudied. Additionally, this study introduces a novel electrochemical simulation
method to evaluate the inhibition efficiency specifically for FFC, with the results validated
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by observing actual corrosion creep development during humidostatic weathering tests.
The corrosion mechanisms can vary notably between acidic and neutral aqueous environ-
ments, largely due to the presence or distinct properties of metal oxide/hydroxide films
at elevated pH levels. Consequently, extrapolating conclusions regarding the probable
effectiveness of inhibitors in neutral solutions from data acquired in acidic solutions can be
misleading or even lead to adverse outcomes.

2. Materials and Methods
2.1. SB Electrochemical Characterization in a Near-Neutral Environment

In the electrochemical characterization of SB, bare R36 Q-Panel Steel A1008 surfaces
(composition: C max. 0.15 wt.%; Mg max. 0.6 wt.%; P max. 0.03 wt.%; S max. 0.035 wt.%;
and Fe. Bal.) were pickled for 15 min in 2 M HCI, followed by immersion in a 0.5 M
NaCl solution containing 3 g/L of SB. An Autolab 302N potentiostat/galvanostat/FRA
(Metrohm AG, Herisau, Switzerland) was employed with a three-electrode setup, with
the steel panel serving as the working electrode, while platinum and Ag/AgCl/3.5 M
KClI electrodes were utilized as the counter and reference electrodes, respectively. EIS
spectra were recorded at the open circuit potential (OCP) over a frequency range of 100 kHz
to 0.01 Hz, with a signal amplitude of 5 mV (RMS) and 6 points per decade, after 3 h
of immersion. The obtained EIS data were analyzed using ZSIMPWIN® 3.50 software
to derive equivalent electric circuits (EECs). The PDPs were obtained at a scan rate of
0.2 mV/s, ranging from —50 mV to +700 mV vs. the OCP, following a 3 h wait period.

2.2. Electrochemical Simulated Study on the Inhibition of FFC

Furthermore, to investigate the protective effects of the inhibitor against FFC, PDPs
were also collected employing an anolyte/catholyte simulating setup (as described in
refs. [5,35]). Also, in this case, 3 g/L of SB powder was introduced into the testing elec-
trolytes. The anodic and cathodic branches of the PDPs were individually collected follow-
ing a 3 h waiting period, during which the OCP was monitored (Appendix A, Figure Al).
The anodic and cathodic branches were acquired through two separate tests by polariz-
ing the system relative to the OCP. The anodic branch ranged from —50 mV to +300 mV,
while the cathodic branch spanned from +50 mV to —300 mV. According to the procedure
adopted in references [5,35], the anolyte contains 0.1 M FeCl3, as it is expected that some
iron dissolution will occur at the anodic site. The pH was adjusted to 1.5 by gradually
adding 33% HCL. Recognizing that at the anodic site, the oxygen levels were likely reduced
due to limited availability derived from the directionality of the supply through the fila-
ments and the high ionic concentration [29,31], nitrogen was continuously purged into the
anolyte to decrease the dissolved oxygen to around 1.4 ppm, measured using a PCE-PHD
1 probe (PCE Instruments, Capannori (LU), Italy). Considering that the cathodic reaction
induces localized alkalinization due to the oxygen reduction reaction on the steel substrate
(4Fe?* + Oy + 2H,0 — 4Fe3* + 40H ™) [32,33], the catholyte was prepared using a NaOH
aqueous solution with a pH of 12 [29,32]. This arrangement was anticipated to promote the
passivation of the steel surface [36]. Continuous air bubbling was employed to maintain
stable dissolved oxygen levels in the electrolyte.

2.3. Preparation of Acrylic-Coated Steel Samples

The effectiveness of the protective action of the SB was tested on coated steel samples
composed of steel panels painted with two layers of a bicomponent polyamide-based
clearcoat (supplied by Palini Vernici, Pisogne, BG, Italy). The primer layer was loaded
with SB at a concentration of 1 wt.%. The top coat was a simple paint-covering layer (the
same base composition as the primer) to avoid possible leaching of the particles toward
the outer side of the coating. The steel substrate was initially cleaned by degreasing it
with acetone under ultrasonic treatment. Subsequently, the surface was pickled ina 2 M
HCl acid solution for a duration of 15 min. Paint was applied using the automatic applier
Elcometer 4340 (Manchester, UK) to deposit 100 um of wet thickness for each layer. Each
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layer applied underwent curing at 60 °C for 1 h, reaching a total dry thickness of 75 pm. To
promote uniform dispersion of the pigments and prevent agglomeration after mixing them
into the liquid paint, an ultrasonication step was conducted for a period of 10 min.

2.4. Characterization and Aging of Acrylic-Coated Steel Samples

Three painted samples of each type were aged following ASTM standard 2803 [37]
to observe the spread of the FFC. A 45 mm long and 1 mm wide scratch was created
on each specimen. The coated panels were protected with adhesive tape to avoid early
cut-edge failure. Initially, a 5 h contamination stage in a neutral salt spray chamber [38]
was conducted before subjecting the specimens to 750 h of humidostatic aging. During
the aging process, the temperature was maintained at a constant 40 °C, and the relative
humidity was set at 80%.

Similar coated plates were immersed in a NaCl solution (0.5 M) for 500 h. The coating
system was monitored periodically by recording the EIS response. Spectra were recorded
at room temperature (25 °C) in an aqueous solution with a quasi-neutral pH (6.2) and
with 7.5 ppm dissolved oxygen, measured using a PCE-PHD 1 probe (PCE Instruments,
Capannori (LU), Italy). The spectra were recorded at a voltage amplitude of 15 mV with
respect to the open circuit potential in a frequency range from 0.01 Hz to 100 kHz. A
built-in-house mobile cell with a platinum counter electrode with an area of 0.75 cm? and
an Ag/AgCl/3.5 M KCl reference electrode with a planar circular test area of 9 cm? was
used as the working electrode. EIS data collection was performed to evaluate the corrosion
protection properties of the paint during the development of the degradation of the coating
system and the activation of the pigments loaded in the primer layer; each sample was
analyzed periodically.

3. Results
3.1. SB Effect Characterization

From an electrochemical point of view, the SB’s behavior in near-neutral conditions
highlighted enhanced corrosion resistance, both in the PDPs and EIS. Comparing the
outcomes with a reference case of blank saline solution (Ref.), SB’s adsorption, with the
formation of insoluble compounds on the surface [23,24], provided notably higher corrosion
potentials and decreased the current densities by two orders of magnitude (Figure 2a) when
the sample was anodically polarized. The difference in the OCP is comparable in the case
of the cathodic branches of the PDPs, although concerning the cathodic activity current
density, the inhibitor showed similar values to the reference curve (Figure 2b). On average,
the steel substrate undergoing interaction with the SB experienced an increase in its OCP of
+0.46 £ 0.09 V. These results are consistent with the information reported in the literature
regarding specific cases of using SB as an inhibitor for steel, confirming its classification as
an anodic inhibitor when tested in a nearly neutral aqueous environment [13,26].

On the other hand, the impedance modulus at low frequencies increased by more than
one order of magnitude (Figure 2c). The changes at the metal interface were evaluated
according to EEC analysis utilizing an R(QR) circuit, where Q stands for a constant-phase
element (CPE) suitable for taking into account the deviations from the ideal capacitive
behavior of the electrical double layer. Its definition, according to Equation (1), involves the
parameters of the pre-exponential Y, and the exponent n, the values obtained for which are
reported in Table 1. Moreover, the remaining parameters extracted were attributed to the
electrolyte and the polarization resistance (Rs and Rct), from which an index representative
of the inhibition efficiency could be calculated [26,39] following Equation (2). Thanks to the
higher magnitude of Rt when SB was involved, the inhibition stood at around 98% in this
case study and placed SB as one of the most successful inhibitors within the field of organic
compounds [26,40]. In conjunction with a higher impedance modulus at low frequencies,
SB’s presence significantly impacts the EIS spectrum by broadening the time constant of
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the phase angle at medium to low frequencies, testifying to changes in the structure of the
double layer at the metal interface.
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Figure 2. Anodic (a) and cathodic (b) polarization curves and Bode representation of EIS spectra
(c) obtained following 3 h of immersion in 0.5 mol/L NaCl solution for bare steel surfaces with and
without addition of 3 g/L SB. The inset shows the R(QR) EEC adopted for the spectra modeling.

Table 1. Outcomes of EIS data analysis utilizing the electrochemical equivalence model R(QR).

Rat Yy R N
Sample (Q-cm?) (S-cm-2.s") n (Q-cm?) IE%
Ref. 1.21 x 103 545 x 1074 8.14 x 101 3.75 x 102 -
SB 6.25 x 10% 8.99 x 10~° 8.08 x 101 2.97x 102 98

3.2. Prediction of FFC Mitigation Using an Electrochemical Simulated Method

An electrochemical setup to simulate the head and tail of an FFC filament was em-
ployed to collect PDPs for the anolyte and catholyte to assess the potential of the synthesized
particles to inhibit FFC propagation (Figure 3). In comparison to the polarization curves
presented in Figure 2a,b, the anodic and cathodic branches collected in diverse electrolytes
could better distinguish the precise contribution of the inhibitor in the specific simulating
environment. This approach allowed for the evaluation of the inhibitive effect in terms
of the FFC corrosion current (icorr prc), which is determined at the intersection point
between the anodic and cathodic branches, as well as the potential difference between the
anodic and cathodic sites (AEcorr). The output of the measurements is reported in Table 2
for the two different cases under investigation. The curves displayed revealed intriguing
outcomes, demonstrating a reduction in AEcorp in the order of 87% caused by the presence
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of SB. The inhibitor’s contribution turns out to be overwhelming, acting mainly on the
cathodic activity. Besides the shift in the cathodic curve, a decrease in icorr prc of one order
of magnitude is caused by the organic inhibitor’s adsorption onto the steel surface. The
addition of the inhibitor to the anolyte environment does not yield a significant effect, likely
attributable to the aggressive acidic conditions and the lower oxygen content (1.4 ppm [35]).
These findings support the characterization of carboxylate inhibitors as non-oxidizing
agents, primarily effective in aerated conditions, such as those present in the considered
catholyte. Furthermore, the results elucidate how the characterization of the inhibitor’s
effectiveness, discerned as primarily anodic through electrochemical assessments in nearly
neutral solutions and in the literature [13], is contingent upon the specific physicochemical
conditions in which it operates. Regarding the presented curves’ reproducibility, replicas
are provided in Appendix A, Figure A2.

0.1 _
1 | -5
] 6.26x10% — =1 1~ 2.28x10
0.2 |
0.3 / ;
S o4l Catholyte u
% NG b
< A
2 -0.54 :
m 1 |
> |
L -0.6 1 i |
; ‘ el - Anolyte
0.7 _ i | ’
0.8 L

LELALL] | LR EALY | L LS LILLL | LaRLEELELLY | LU AL | ’ LRALLL | LS | L SLBRALL |
1w 19® 1w 1® 10T 1t 90*  40°
i (A/cm2)

Figure 3. PDPs collected on bare steel surface using anolyte and catholyte “Ref.” and with 3 g/L of
SB added. The numerical values (expressed in A/cm?) of FFC corrosion current as the intersection
between anodic and cathodic branches are reported.

Table 2. Electrochemical parameters estimated from the electrochemical simulated approach.

Inhibitor iCORR FFC AECORR
Sample Addition (A/em?) V)
Ref. - 228 x 107° 0.230
SB 3g/L 6.26 x 107° 0.030

3.3. Acrylic-Coated Steel’s Durability

The coated steel samples underwent testing to compare the corrosion evolution of
organic layers loaded with SB with those with a neat acrylic coating. FFC tests were
conducted under static conditions at 80% relative humidity and 40 °C, revealing a reduction
in corrosion propagation from artificial scratches, as depicted in Figure 4. The occurrence
of coating delamination, resulting from blister formation and filiform propagation, was
observed to be mitigated by the presence of SB within the coating. This is attributed to
SB’s capacity to migrate through the coating and effectively reach the metallic surface.
Notably, discernible disparities in the degradation morphology were observed among
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the samples, with FFC representing the initial coating detachment event, succeeded by a
broader blistering front encompassing the entire initial defect.

5cm

Blank

1 wt% SB

5h 24 220 350 650 750

Figure 4. State of corrosion creep of scratched coated samples during 750 h of FFC test at 40 °C in
humidostatic conditions (80% r.h.) after 5 h of contamination stage in a neutral salt spray chamber.
Acrylic-coated steel panels with (1 wt.% SB) and without (Blank) the addition of the inhibitor
are compared.

Figure 5 reports the average value of the expansion of the corrosion-damaged area
around the scratch, calculated for three replicates of each type of sample. The inhibition
degree was determined to be an average reduction of 35% in the corrosion rate (calculated
from the slopes of the trends reported in Figure 5, quantified in terms of the expansion of
the corroded area by means of the Image] 1.53t software thanks to the transparency of the
coating). This result is noteworthy, particularly considering the relatively low concentration
of the inhibitor (1 wt.%) incorporated into the coating, in comparison with analogous
studies documented in the literature [41-43]. The influence of SB becomes more apparent
over time, particularly as filaments begin to emerge due to the initial blister-induced paint
delamination. This phenomenon is evident in Figure 4, where the damage observed in
two types of samples remains comparable until 220 h of weathering. This observation
may be attributed to the reasonable period required for the activation and percolation of
the inhibitor through the coating to the interface. Consequently, the incorporation of such
organic molecules into the coating does not appear to confer a beneficial effect during the
initial stages of FFC. Hence, it might be more advantageous to combine these molecules
with other mitigation strategies, such as conversion coatings, which exhibit greater efficacy
during the initiation phase [5].

To delve deeper into the behavior of the coating system when exposed to humidity
penetration, and also to determine whether the presence of the inhibitor adversely affected
the barrier properties of the coating, EIS was conducted on coated steel panels immersed
in a 0.5 M NaCl solution. Both monitored samples showed a decrease in values at low
frequencies, although the starting values and the impedance decay demonstrate better
performance in the case of the coating loaded with SB (Figures 6a and 7a). In the case of
the presence of SB in the paint, the transition from capacitive to resistive behavior appears
to be less pronounced and sharp compared to the reference “Blank” case and is visible in
the spectra starting from 336 h of immersion. This trend could be due to the hydrophobic
nature of the interfacial layer formed by the deposits of SB, a property that would hinder the
kinetics of water absorption within the organic layer. A transient at the middle frequencies
is afforded by the inhibitor, likely due to its solubility and the adsorption process at the
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metal-paint interface. On the other hand, the “Blank” sample showed a net change between
resistive and capacitive behavior.
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Figure 5. Corroded area evolution over time during 750 h of aging. The mean value calculated
for three replicas is reported. Acrylic-coated steel panels with (1 wt.% SB) and without (Blank) the
addition of the inhibitor are compared.
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Figure 6. EIS Bode spectra after different immersion periods collected for painted steel samples.
Impedance modulus | Z| is reported on the left side (a), while a phase angle diagram is shown on
the right side (b). Blank (neat acrylic paint) behavior is reported during 504 h of immersion in 0.5 M
NaCl solution.

31



Metals 2024, 14, 623

(@)
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Figure 7. EIS Bode spectra after different immersion periods collected for painted steel samples.
Impedance modulus | Z| is reported on the left side (a), while a phase angle diagram is shown on
the right side (b). The behavior of the coating loaded with 1 wt.% SB is reported during 504 h of
immersion in 0.5 M NaCl solution.

More in-depth study of the various electrochemical contributions that make up the
overall behavior of the coating system was achievable through a spectra modeling study
using EECs. However, the results obtained in this step, using a typical organic coating
R(Q(R(QR))) data analysis circuit, exhibit in some cases trends that are challenging to
attribute to physical phenomena. A CPE (namely Q) is employed to account for the non-
ideal capacitive behavior of the coating. Q is helpful in this case for correctly modeling the
nonlinearity of the solid electrodes, derived from dissipative phenomena in the polymers,
the interaction between polar groups, and diffusive processes at the interface [44]; for this
purpose, Q is introduced into the circuit, similar to the case of the EIS collected on bare
steel, where its impedance is represented in Equation (1). In principle, two contributions
can be attributed to the organic coating (incorporating Ceoat and Reoat) and the interface
(composed by the double-layer capacitance Cg4; and the charge transfer resistance R),
where the inhibitor adsorbed onto the metal surface should impart a distinguishable effect
compared to the reference case, particularly in terms of the charge transfer resistance. This
last parameter, as shown in Figure 8a, demonstrates that despite an initial likely higher
defectiveness of the “SB” sample, distinguishable from comparison with the reference
“Blank” sample, the release of the inhibitor after 150 h of immersion and its subsequent
adsorption at the interface provide a healing effect that leads to significantly higher values.

Concerning the other extracted parameters, each interpretation reported in Figure 8
cannot straightforwardly lead to definitive comments on the electrochemical behavior due
to the minor differences in values, and therefore any speculation on these parts of the
results has been avoided. Only a comparable decrease in the coating resistance Repat for
both samples is observed in Figure 8d, indicative of the loss of the barrier properties of
the organic layer, together with electrolyte permeation, a feature that does not seem to be
altered by the inhibitor’s presence in the organic layer.
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Figure 8. Results of the EIS fitting over testing time. The contributions attributed to the Faradaic
processes (a—c) and the coating are reported (d—f).

4. Discussion

The results unanimously support attributing effective inhibitory power to SB when
it is employed on painted steel. It is well known that different corrosion mechanisms
lead to varied durability performances for similarly coated substrates, depending on the
surrounding environmental conditions, particularly influenced by humidity levels and
the presence of contaminant ions. In this study, such evidence is underscored by electro-
chemical tests based on EIS measurements and PDPs. The diverse chemical composition
of the electrolytes used, along with the levels of oxygen present in the solution, resulted
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in different contributions that the molecule under study made to the evolution of the
electrochemical environment at the metal interface. Specifically, SB, known as an anodic
inhibitor [13,26], as verified in this study (Figure 2), markedly influences the cathodic
activity when an aerated solution exhibits high alkalinity (Figure 3). This scenario occurs
in real-life situations where FFC propagates beneath the coating. Consequently, it can be
asserted that a singular classification of corrosion inhibitor behavior is not exhaustive, and
this characteristic must be related to and studied not only considering the specific case of
use, such as organic coatings being exposed in an outdoor environment but also, above
all, considering the actual degradation mechanism at play. The choice of an appropri-
ate inhibitory substance should be informed by a detailed understanding of the specific
degradation mechanism at play. In the context of preventing coating delamination, it is
essential to consider the reactions at the extending front. While some strategies may offer
general metal protection irrespective of the corrosion mechanism, others are more tailored
to specific phenomena, such as FFC, which is cathodically nucleating and typically exhibits
anodic delamination. The selection of a mitigation pathway is therefore contingent on
the intricacies of the corrosion process. In the specific case of SB, this substance appeared
to be effective in both delamination scenarios, but this is not necessarily a generalizable
example and specifically concerns the stability of molecules at different pH levels and their
interaction with the metallic substrate in such environments.

5. Conclusions

In this study, we investigated the potential of an eco-friendly organic corrosion in-
hibitor, namely SB, particularly in the context of acrylic-coated steel. Preliminary electro-
chemical analyses significantly contributed to our understanding of its inhibitive properties,
particularly concerning mild steel in near-neutral conditions. SB is confirmed to act as
an anodic corrosion inhibitor under nearly neutral conditions, and electrochemical tests
in simulated environments highlight its efficiency in aerated conditions, like other car-
boxylic acids. In these conditions, an inhibitory effectiveness of 98% was seen compared to
situations where the inhibitor was absent.

Additionally, SB has also been shown to limit cathodic activity, specifically in the case
of an alkaline, aerated environment, typical of cathodic sites involved in the phenomenon
of FFC for coated steel. At this stage, to predict its actual effect on degradation due to FFC,
we employed a predictive approach, utilizing electrochemical simulations. This involved
analyzing the PDPs of bare steel immersed in test solutions designed to mimic the unique
environment anticipated at the metal-paint interface. These simulations yielded results
that closely aligned with the observed performance of the coated steel. Specifically, the
presence of the inhibitor (referred to as “SB”) in the primer layer demonstrated notable
limitations in paint delamination and corrosion expansion to 35%.
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Appendix A
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Figure A1. OCP of bare steel immersed in anolyte and catholyte monitored over time with addition
of 3 g/L SB.
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Figure A2. Replicas of the polarization curves obtained in the testing solutions simulating an anodic
environment (a) and a cathodic one (b). PDPs collected on bare steel surface using anolyte and
catholyte “Ref.” with 3 g/L of SB added.
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Abstract: The use of low-carbon unalloyed steel with minimal silicon content is widespread in struc-
tural steel and automotive applications due to its ease of manipulation. The mechanical properties
of this steel can be significantly enhanced through severe plastic deformation (SPD) techniques.
Our study focuses on the practical benefits of the dual rolling equal channel extrusion (DRECE)
method, which strengthens the steel and has implications for material hardness and the thickness
of subsequently applied hot-dip zinc galvanizing. Furthermore, the steel’s corrosion potential and
current are investigated as a function of material hardness and thickness. The findings show a
20% increase in hardness HV 30 after the first run through the forming machine, with an additional
10% increase after the second run. Subsequent galvanizing leads to a further 1-12% increase in HV 30
value. Notably, the DRECE hardening demonstrates no statistically significant effect on the corrosion
potential and current; however, the impact of galvanizing is as anticipated.

Keywords: severe plastic deformation; DRECE method; hot dip galvanizing; Zn coating; GDOES;
optical microscopy; corrosion; Tafel plot

1. Introduction

DCO03 steel is a traditional steel that is appreciated for its ductility characteristics. With
its low carbon content, it offers increased elasticity and is easier to shape, bend, weld, and
cut. This makes it an ideal option for creating structural components and intricate forms.
DCO3 steel is commonly utilized in the production of metal furniture, automotive body
parts, a variety of industrial components, and electronic equipment.

The DRECE (dual rolling equal channel extrusion) method is part of the SPD (severe
plastic deformation) process utilized to enhance the mechanical properties of metals and
produce ultrafine-grained (UFG) materials. Through the SPD process, grain sizes of 20 to
200 nm can be achieved [1]. The resulting grain size can be influenced by adjusting the
forming parameters (for example, by increasing the deformation pressure or reducing the
material temperature during forming) [2]. Additionally, the chemical composition of the
material formed significantly influences the resulting grain size [3].

The DRECE forming process involves intensive plastic deformation of the material.
The prototype device, located at the Department of Mechanical Technology, Faculty of
Mechanical Engineering, VSB-Technical University of Ostrava, is based on the DCAP
method [4-6] (see Figure 1). Figure 1b shows the deformation zone rotated by 180° in the
“z” axis (vertical direction) compared to Figure 1a. In 2024, a patent was granted for a new
design of a shaping device intended for industrial use.
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Figure 1. Schematics of the DRECE forming method (adapted from [7]): (a) schematics of the
equipment and extrusion principle; and (b) schematics of the deformation zone.

The main parts of the device are two pressure cylinders, which allow the regula-
tion of the pressure force, and one feed (drive) cylinder. The cylinders are driven by
an electric motor with a NORD gearbox via a vane clutch. The belt feed speed range is
v = 1-12 mm/s, and the pressure of the rollers can be adjusted in the following range: front
roller: p1 = 15-20 MPa, rear roller: p2 = 5-10 MPa, and the motor power input is 0.236 kW.

A piece of sheet metal is fed into the processing area and is pushed through the
forming tool by the feed roller, working in tandem with the pressure rollers, without
altering the cross-section. The structure can be significantly refined by subjecting the
material to multiple plastic deformations in this manner [8]. In reference [7], the authors
analyze the impact of severe plastic deformation (SPD) on the quality of DCO3 steel at
forming tool angles @ = 113°. The angle at which the forming tool is set in the deformation
zone is the most critical factor in determining the efficiency of the forming process, as it
enables high deformation intensity and the reshaping of the material [6].

Additional important considerations include the radii R1 and R2 (Figure 1b). Their
values are influenced by the characteristics of the strip material. The objective is to achieve
shear deformation for grain refinement while ensuring that stress concentrations do not
exceed the material’s tolerance. In terms of stress distribution, the magnitude of the shear
stress must surpass the magnitude of the bending stress during the application of the
DRECE method.

In reference [9], the authors describe the effect of increasing the feed rate of the steel
strip from 10 mm/s to 100 mm/s, which significantly increased the efficiency of the forming
process. Structural analysis on TEM demonstrated a reduction in the mean grain size of the
steel strip.

In [10], the authors describe the modernization of the pressing equipment. The
deformation zone angle was reduced from 113° to 108°. The mechanical properties after
the first pass through the welding machine were increased by 60% for the yield strength Re
and by 40% for the ultimate strength Rm. Similar values were also achieved for steel strip
DCO1 [9].

Hot-dip zinc galvanizing is widely recognized as a highly effective method for safe-
guarding steel against corrosion [11,12]. This technique facilitates the creation of premium
coatings, thereby offering long-term corrosion protection [13] at a reasonable operating
cost [14,15]. These coatings serve as a barrier on the steel surface, providing protection
against corrosion. Steel corrosion refers to the degradation of metal caused by electrochem-
ical or chemical reactions in a corrosive environment [16].

The process of hot-dip galvanizing steel involves creating an alloy coating of hot-dip
zinc on the steel surface. This process involves a series of metallurgical reactions, diffusion,
and thermodynamic changes. Standardization for the hot-dip galvanizing of steel parts
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can be found in EN ISO 1461 [17] and EN ISO 14713-2 [18]. The quality of the galvanized
surface is primarily influenced by the chemical composition. The low silicon content
plays a crucial role [19,20], as illustrated by the Sandelin diagram (refer to Figure 2). With
regard to the impact of the silicon content on the hot-dip galvanizing process, steels can
be categorized based on their silicon content levels as follows [21]: steels with low silicon
content (<0.03 wt.% Si); steels falling within the so-called “Sandelin region” with a silicon
content in the range of 0.03-0.12 wt.%; steels in the “Sebisty region” with silicon content
around (~0.15-0.25 wt.%); and steels with a high silicon content (>0.28 wt.%). Steels with a
high silicon content are not recommended for use in the hot-dip galvanizing process due
to the resulting thick and brittle coatings, low mechanical resistance, and susceptibility to
delamination.
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Figure 2. Sandelin diagram.

Depending on the chemical composition of the steel, the temperature of the galvaniz-
ing bath, the composition of the bath, the dwell time in the bath, the surface quality and
wall thickness of the galvanized material, and the method and rate of cooling, a coating
composed of different Fe-Zn intermetallic compounds is formed [22]. These compounds
form layers with different grain compositions, morphologies, thicknesses, and mechan-
ical properties [23]. The uppermost layer contains nearly pure zinc, referred to as the
n-phase [24]. Beneath this are the monoclinic {-phase crystals [25-27], followed by a consis-
tent layer of closely arranged hexagonal 8-phase crystals [27-30]. The bottommost is a thin
layer of I'-phase [31-33].

In the literature [9,10], there is a description of the impact of DRECE forming on
the enhancement of steel hardness. However, there is a lack of information regarding
the hot-dip galvanizing surface treatment of such a hardened material. This study seeks
to address this gap by examining the properties of hardened steel subjected to hot-dip
galvanizing.

2. Materials and Methods

For this research, DC03, a low-carbon, low-silicon steel, was selected after applying the
DRECE method. The standard for identifying DC03 steel is 1.0347. The low silicon content
is crucial for enabling hot-dip galvanizing. The chemical composition of this steel, deter-
mined by the BULK GDOES method using a Spectruma Analytik GMBH (Hof, Germany)
glow discharge optical emission spectrometer (GDOES) under 700 V and 35 mA excitation
conditions [34,35], is presented in Table 1. The elements marked with an asterisk are deter-
mined through elemental analysis using an Eltra (Haan, Germany) CS 2000 combustion
analyzer [36,37].

40



Metals 2024, 14, 993

Table 1. Chemical composition of DCO3 steel.

Cc* Mn Si P S* Cr Ni Mo Cu
Wto/o
0.0406 0.170 0.007 0.013 0.0140 0.028 0.037 0.002 0.061
Ti Co B Pb A% W Al Nb
Wto/o
<0.001 0.006 0.0004 <0.001 0.001 <0.001 0.034 <0.001

The specimens, which consist of strips of sheet metal measuring 58 mm in width, 2 mm
in thickness, and 2000 mm in length, undergo extrusion using the DRECE experimental
apparatus (refer to Figure 3). The process parameters are configured at the lower limits of
the ranges as mentioned above.

jaws with |
roller

b

- M extruded strip DC 03

Figure 3. Shaping device. Test progress (photo by author).

The specimens, each approximately 1 m in length, were then subjected to a standard
galvanizing process at a hot-dip galvanizing plant. This involves a series of steps, including
degreasing, rinsing, pickling with dilute hydrochloric acid, rinsing, immersion in flux,
drying, and, finally, immersion in molten zinc, as shown in Figure 4.

Table 2 lists the samples with DRECE and surface treatment. In addition, Figure 5
displays a photograph of the surfaces of all the samples. It is worth noting that the
samples without the surface treatment exhibit grooves left by the forming tool, which could
potentially impact the mechanical properties of the material being evaluated. Conversely,
the galvanizing process results in the formation of a uniform, compact, smooth layer.
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Figure 4. Samples after hot-dip galvanizing (photo by author).

Table 2. Description of samples with DRECE and surface treatment.

Without Surface Treatment Hot-Dip Galvanized
0 DC03 Z0 DCO03
1 DC03, 1x DRECE Z1 DC03, 1x DRECE
2 DCO03, 2x DRECE 72 DCO03, 2x DRECE
DCO03, 2x DRECE DC03, 2x DRECE
R with rotation Z2R with rotation

In the provided description, it can be seen that the microscopic steel images (Figure 6)
of samples 0 and 2, denoted as samples in their original state (marked 0) and after two
passes through the shaping device (marked 2), with and without the surface treatment
(marked Z0 and Z2), correspond to specific structural characteristics. The samples were
analyzed in longitudinal and transverse sections, embedded in resin, ground, and polished.
The etching was conducted with a Nital 4% reagent. Microstructure observation and zinc
layer thickness measurements (see Section 3.1) were performed with an Olympus (Tokyo,
Japan) IX70 optical microscope at 200x magnification. The results were analyzed using
Image Pro Micro G software (ver. 10).

Upon examination, it was determined that the microstructure of the initial state sample
(sample 0) was ferritic, featuring an average grain size of 30 um, corresponding to a grain
size number G = 7 according to standard ISO 643:2021-04 [38]. At this stage, the grains
exhibit distinct boundaries. Following zinc galvanizing, the disappearance of certain
grain boundaries was noted (sample Z0). A similar microstructure was also observed in
sample 2 subsequent to the double passage by the DRECE method. Furthermore, after the
zinc galvanizing of the reshaped part, the etchability of the grain boundaries was once
again reduced (sample Z2). Notably, the etchability of the microstructure appeared to

42



Metals 2024, 14, 993

deteriorate due to the increased dislocation density and the corrosion protection effect of
the zinc coating.

without surface treatment hot-dip galvanized

‘JI'H‘ e
(i
fit lg'u it

Figure 5. Images of samples under DRECE and surface treatment.

Hardness measurements were performed using the Vickers hardness test according to
standard ISO 6507-1:2023 [39]. The measurements were carried out using an EMCO-Test
(Kuchl, Austria) DuraScan G5 micro-hardness tester.

The polarization analysis of the steel samples was conducted using the Tafel extrapola-
tion method with a Metrohm Autolab (Utrecht, The Netherlands) PGSTAT302 potentiostat
in the standard three-electrode configuration. In this setup, the steel sample functions as
the working electrode, an argent chloride (Ag/AgCl) electrode acquired from 2THETA
(CR) serves as the reference electrode, and a platinum wire serves as the counter electrode.
All experiments were conducted at ambient temperature (25 °C) in 0.1 M HCl, 0.1 M
H,SOy4, and 5% NaCl electrolytes, with chemicals procured from MACH CHEMICALS Ltd.
(Ostrava, Czechia); the solutions were diluted using deionized water. The steel samples
were immersed in the electrolyte to a depth of 1 cm, and precise adjustment of the im-
mersion was achieved using a micrometer screw. The solutions were purged by nitrogen
gas (Messer, Ostrava, Czechia) for 30 min prior to each electrochemical test. The potential
was measured at a rate of 2 mV-s~! over a potential range of —1.5 V to 1.0 V. At low
polarization rates, the measured currents and voltages convey information about the cor-
rosion process occurring at the interface of the material and electrolyte. In contrast, at
high polarization rates, the measured current not only reflects the current value during
the corrosion process, but also encompasses the charge of the surface capacitor. Therefore,
if the scan rate is not sufficiently low, the current density will exceed that which arises
from the corrosion reactions [40]. Although a potential scan rate of 2 mV-s~! was applied,
no distortions into the potentiodynamic polarization curves were observed, as has been
previously reported [41,42]. No distortions to determine the corrosion current density
were observed.
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L - direction T - direction

Figure 6. Microscopic images of samples in the longitudinal direction (L) and in the transverse
direction (T).
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3. Results and Discussion
3.1. Thickness of the Zinc Layer

The accompanying images display the zinc coating on the base material without
DRECE hardening. In Figure 7a, the macroscopic view of the zinc coating on the steel
specimen is presented in both the longitudinal (L) and transverse (T) directions. The images
depict an impressively even distribution of the zinc coating. Subsequently, Figure 7b illus-
trates measurements of the zinc coating thickness on samples prepared in both directions.

L T

79.7-. / 82.3 82.3 80.2 80.2
80.3- 825 844 864 897 8235

Figure 7. Zn coating on sample Z0 (a); and measurement of Zn coating thickness on sample Z0 (b).

Optical microscopy.

A suitable alternative to optical microscopy for determining the thickness of zinc
coatings on planar samples with smooth surfaces is the profile GDOES (Glow Discharge
Optical Emission Spectroscopy) analysis. The analysis was performed under the following
excitation conditions: 1000 V and 15 mA [43] directly from the surface of the Z0 sample
(galvanized sample without DRECE hardening (Figure 8)), 20 mm from the edge of the
sample, without sample preparation (cutting, resin potting, polishing, etching). Due
to surface heterogeneities, performing GDOES analysis of the galvanized specimens is
impossible after DRECE forming.
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Figure 8. Zn coating thickness measurement on sample Z0, profile GDOES analysis.

The profile curves of zinc and other elements agreed with the results of optical mi-
croscopy, revealing a zinc coating thickness of around 80 um. The measured concentrations
also matched those obtained from BULK GDOES analysis (Table 1). It is worth noting that
the values extracted from the record must be divided by the number indicated in brackets
in the legend of the profile record. The concentrations of certain elements are so low that if
the y-axis scale remained unchanged, they would be undetectable and indistinguishable
from one another.

Figure 9 displays the Zn coating on the steel after DRECE hardening. Additionally,
Table 3 illustrates the average layer thicknesses. According to the findings, DRECE harden-
ing results in a minor reduction in the thickness of the subsequent hot-dipped Zn coating.
Nevertheless, this reduction is not considered statistically significant.

Table 3. Average thicknesses of Zn coatings/pm.

Sample Label . Thickness of Zn Coating/um .
Z0 80.9 £3.1 843 £ 3.5
71 789 £3.9 83.6 £5.2
Z2 72.5£3.8 712 £53
Z2R 70.7 £3.5 754 £ 3.8

The coating microstructure corresponds to the requirements for the quality of the
hot-dip galvanizing surface treatment. All intermetallic phases, i.e., 11, {,  and I phases,
were identified in the microstructure of the zinc coating. Figure 9b shows the delamination
of the zinc coating.
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Figure 9. Measurement of Zn coating thickness on sample Z1 (a); Z2 (b); and Z2R (c). Optical
microscopy, magnification 200x.

3.2. HV 5 Hardness

The HV 5 hardness of all examined samples was assessed to evaluate the SPD’s
efficiency. Hardness measurements were made on metallographic sections at the center of
the plate thickness. As depicted in Figure 10, the chart illustrates an 18% increase in the
base material’s hardness after a single pass through the forming machine, followed by an
additional 12% increase after a second pass. Subsequent galvanization resulted in a further
augmentation of HV 5 by 1-10%.
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Figure 10. HV 5 hardness of all samples in the L direction.

3.3. Electrochemical Testing

For the electrochemical testing of corrosion behavior, the Tafel extrapolation method
is a suitable technique and provides significant time savings compared to the classical
immersion method based on mass loss determination. This technique allows for the
extrapolation of information relating to corrosion current density (icorr), corrosion potential
(Ecorr), anodic (Ba) and the cathodic () polarization curve slope and corrosion rate. The
measurements are conducted using the linear sweep voltammetry technique, recording
current density at varying applied potentials. Subsequently, the recorded data are converted
to a logarithm of the current density versus voltage, facilitating the extrapolation process.

In the provided study, Figures 11-13 exhibit the Tafel plots illustrating the behavior of
the prepared steel samples in various electrolytes, specifically, 0.1 M HCl, 0.1 M H,SOy,
and 5% NaCl. In addition, Figure 14 shows repeated measurements of sample 0 in 0.1 M
HCI, including Tafel extrapolation. The corrosion potential values for the untreated and
DRECE-treated steel samples are relatively consistent, averaging around —0.40 V and
—0.41 V when exposed to the corrosive influence of hydrochloric acid and sulfuric acid,
respectively. However, a noteworthy shift to —1.07 V was noted for the samples exposed to
5% NaCl. Furthermore, samples subjected to hot-dip galvanizing displayed a noticeable
leftward shift in the corrosion potentials compared to the ungalvanized samples, indicating
the formation of a protective zinc coating.
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Figure 11. Tafel curves of the tested steel samples in 0.1 M HCI solution.
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Figure 12. Tafel curves of the tested steel samples in 0.1 M H,SOy solution.

3
~ e
“.‘E _\
Q
ST
%‘0—4 -1 s
N -
2 et
R SN o —
% \v\,'J I R
pot =3 :\‘j 2 2
=5 q4-v L
o N | [ B 20  m==-- Z1
’5‘ |f':‘| " \_/
g { & ¥ 000 - z2 Z2R
50 o ‘
o ’
— P ']

6 L ; . ; . ; .

15 -1 05 0 0.5

Potential vs Ag/AgCl (V)
Figure 13. Tafel curves of the tested steel samples in 5% NaCl solution.

Additionally, significant variations in the corrosion current and corrosion rate are ob-
served based on the treatment method and the specific electrolytic medium used. Notably,
galvanized steels exhibit markedly lower values for these parameters, underscoring the
enhanced corrosion resistance associated with this treatment method.

The data presented in Table 4 illustrate the Tafel extrapolation results for the steel
samples tested in three different media. The findings indicate a significant enhancement
of corrosion resistance for the hot-dip galvanized steels, as evidenced by the computed
corrosion rates. It is noteworthy that the slopes of the anodic polarization curves (3;) are
generally steeper than those of the cathodic polarization curves (B.), suggesting that the
electrochemical polarization of the samples is predominantly governed by anodic processes,
with the anodic reaction being more dominant than the cathodic reaction. However, it is
important to note that exceptions were observed for samples tested in 5% NaCl. In addition,
the polarization resistance values were significantly higher in the samples that underwent
hot-dip galvanizing, attributed to the development of a protective layer on the surface.
However, it is worth noting that exceptions were observed for samples tested in 5% NaClL
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The original recording shows the Tafel extrapolation.

Table 4. Parameters of Tafel extrapolation for tested samples in different electrolytes.

0 1 2 2R Z0 71 72 Z2R
0.1 M HCl
Eeore (V) —04044+  -0394+ 0404+ 0404+  —06414+  —0663+  —0.649+ = —0.642 +
0.0471 0.0305 0.0316 0.0522 0.0312 0.0311 0.0304 0.0369
. 5 0.369 £ 0.350 = 0.422 + 0.447 + 0.127 + 0.125 + 0.122 + 0.128 +
fcorr (MA-cm™*) 0.0300 0.0315 0.0311 0.0314 0.0374 0.0309 0.0301 0.0319
Ba (V-decade™1) 0.315 0.333 0.326 0.315 0.291 0.310 0.277 0.259
Be (V-decade™1) —0.192 ~0.197 ~0.196 —0.190 —0.225 —0.248 —0.219 —0.215
Corrosion rate (mm-year™') 4.376 4.143 4.999 5.300 1.504 1.478 1.449 1.515
Polarization resistance () 2318 2348 1972 1922 6638 6240 7154 7153
0.1 M H,SO,4
Eeore (V) —04094+  —04054+  —04114+  —04094+  —0610%+  —06l14+  —0675+  —0.672=+
0.0570 0.0500 0.0420 0.0549 0.0403 0.0523 0.0439 0.0452
) 5 0.403 + 0.374 + 0.394 + 0.441 £ 0.117 + 0.121 + 0.132 + 0.130 +
icorr (MA-cm™) 0.0451 0.0410 0.0437 0.0400 0.0461 0.0427 0.0517 0.0423
Ba (V-decade™?) 0.316 0.303 0.321 0.308 0.368 0.384 0.296 0.302
Be (V-decade™1) —0.199 —0.188 ~0.193 —0.187 —0.323 —0.317 —0.248 —0.244
Corrosion rate (mm-year™') 4.774 4.437 4.673 5225 1.384 1.428 1.559 1.539
Polarization resistance (Q0) 2093 2360 2141 1991 5378 5141 6063 6132
5% NaCl
Eeore (V) ~1.0524+  -1.0494+  —1.070%&  -1.0624&  —1304&  —1364%+ = —1366%=  —1.364 %
0.0327 0.0310 0.0596 0.0321 0.0524 0.0375 0.0300 0.0356
) 5 0.018 + 0.017 + 0.019 + 0.011 & 0.004 &= 0.004 + 0.004 + 0.004 +
fcorr (MA-cm™) 0.0331 0.0302 0.0422 0.0343 0.0380 0.0302 0.0304 0.0409
Ba (V-decade™) 3.764 3.674 4119 4.363 7.535 31.218 14.500 11.622
Be (V-decade™1) —4.237 —4.862 —4.894 —5.549 —8.728 —6.952 —24.901 —22.506
Corrosion rate (mm-year~') 0.211 0.201 0.230 0.125 0.048 0.049 0.046 0.049
Polarization resistance (Q0) 3044 3004 2488 4170 6602 2737 2850 3085

4. Conclusions

This research delves into the impact of DRECE treatment on the subsequent formation
of zinc coating through hot-dip galvanizing. The primary focus was to evaluate the
influence of the introduced changes on the resulting corrosion resistance, which was
analyzed electrochemically using the Tafel extrapolation method. The findings can be

summarized as follows:

e  The DRECE method showcases its potential to enhance the hardness of the non-alloy
structural steel under examination;
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e  Itis established that applying the DRECE method does not diminish the thickness of
the zinc coating of the steel specimens;

e  Tafel extrapolation confirmed that the DRECE method has no effect on the corrosion
resistance of the tested steel specimens;

e According to Tafel extrapolation, the impact of the DRECE method on corrosion
resistance is negligible. Conversely, the hot-dip galvanizing of steel significantly
enhances its corrosion resistance, which was demonstrated by a 3—4 fold reduction in
the corrosion rate and a drop in the corrosion potential value;

e  The influence of the electrolyte used is minimal in the case of the 0.1 M HCI and
H,S0O; solution. However, when a 5% NaCl solution is employed, the corrosion rate
experienced a significant decrease.

The DRECE method is a valuable tool that refines steel by increasing its yield strength
and tensile strength in addition to its hardness while reducing its elongation. To the best of
our knowledge, the coupling of the DRECE method with hot-dip galvanizing has not yet
been published. This combination not only introduces the aforementioned properties but
also improves the corrosion resistance of the treated steel. The potential applications of this
method are vast, from the construction to the automotive industries, thereby significantly
expanding its potential impact.
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Abstract: The hot deformation behavior of 4Cr16MoCu martensitic stainless steel alloyed
with 1% Cu was investigated through hot compression tests at temperatures ranging from
900 to 1150 °C and strain rates of 0.001 to 1 s~!. The addition of Cu is strategically employed
to synergistically enhance precipitation hardening and corrosion resistance, yet its com-
plex interplay with hot deformation mechanisms remains poorly understood, demanding
systematic investigation. The results revealed a narrow forging temperature range and
significant strain rate sensitivity, with deformation resistance increasing markedly at higher
strain rates. An Arrhenius constitutive model incorporating a seventh-degree polynomial
for strain compensation was developed to describe the flow stress dependence on deforma-
tion temperature and strain rate. The model demonstrated high accuracy, with a correlation
coefficient (R?) of 0.9917 and an average absolute relative error (AARE) of 3.8%, providing
a reliable theoretical foundation for practical production applications. Furthermore, a hot
processing map was constructed based on the dynamic material model (DMM), and the
optimal hot working parameters were determined through microstructural analysis: an
initial forging temperature of 1125 °C, a final forging temperature of 980 °C, and a strain
rate of 0.1 s~1. These conditions resulted in a fine and uniform grain structure, while strain
rates above 0.18 s~ were identified as unfavorable due to the risk of uneven deformation.

Keywords: martensitic stainless steel; hot deformation behavior; constitutive equation;
processing map; microstructure

1. Introduction

4Crl6Mo martensitic stainless steel (MSS) has been extensively utilized in high-
quality plastic mold steels due to its exceptional mechanical properties and corrosion
resistance [1-3]. These steels typically contain alloying elements such as chromium (Cr)
and molybdenum (Mo) which are integral to their performance. However, the high content
of these elements, particularly in the case of 4Cr16MoCu steel, increases the deformation
resistance during forging, posing significant challenges during manufacturing [4,5]. To
further enhance the material’s performance, the incorporation of 1wt.% Cu in this steel
has been proven effective in improving its machinability and corrosion resistance. How-
ever, the introduction of copper, owing to its unique characteristics, can degrade the hot
workability of the steel, necessitating the prevention of “copper embrittlement” during
hot forging operations. Additionally, a certain amount of primary carbides were found in
4Cr16MoCu experimental specimens, which need to be removed through forging processes
during subsequent production. Yet, there remains a dearth of research on the forging and
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machinability aspects of this material. Therefore, while the addition of copper to the steel
enhances the application performance of the material, it also poses challenges related to its
influence on the alloy’s hot workability and microstructure evolution. In particular, the low
impact toughness observed in large ingots of plastic mold steel represents a critical quality
issue, necessitating precise control over the microstructure during free-forging to ensure
final product quality [6].

One of the most critical microstructural evolution phenomena during hot deformation
is discontinuous dynamic recrystallization (DRX), which is typical in high stacking-fault-
energy metals such as MSS [7,8]. DRX plays a pivotal role in the microstructural evolution
of alloys with low, medium, and high stacking fault energy (SFE) [9-11]. By optimizing key
forging parameters, the challenges associated with coarse and uneven grain structures can
be effectively addressed, thereby improving impact toughness and enhancing the overall
quality of plastic mold steel blooms [12-14].

In 1969, Sellars and Jonas et al. introduced a widely recognized phenomenological
model based on the Arrhenius-type equation to study material behavior during hot defor-
mation [15,16]. This model, which establishes the relationship among stress, temperature,
and strain rate, has been successfully applied to investigate the hot deformation behavior
of various alloys [17,18]. The processing map (PM) technology based on the dynamic mate-
rials model (DDM) has been accepted as a powerful approach to evaluate the deformation
mechanisms and optimize the process parameters of materials due to its convenience and
accuracy [19,20]. It has been used in a wide range of materials including aluminum alloy,
titanium, magnesium, aluminum, Ni-based alloy, as well as steels [21-23].

Despite extensive research on the hot deformation characteristics of various marten-
sitic stainless steels [24,25], the specific hot deformation behavior of 4Cr16MoCu steel
remains unexplored. To address this gap, we conducted hot compression tests on a Gleeble-
3500 thermomechanical simulator under varying temperatures and strain rates. A strain-
compensated constitutive equation was developed by incorporating modified flow stress
values, and a hot processing map was constructed. By integrating the hot processing map
with microstructural evolution analysis, the optimal hot working region was identified, pro-
viding a scientific basis for determining reasonable processing parameters in the production
and manufacturing of 4Cr16MoCu MSS.

2. Experimental
Material and Experimental Procedures

The material was formulated by modifying the chemical composition of 4Cr16Mo
MSS to include an additional 1 wt.% Cu, resulting in a composition of Fe-0.32C-15.94Cr-
1.08Mo0-0.46Si-0.60Mn-1.07Cu-0.88Ni. The incorporation of Ni, a pivotal constituent in
the majority of Cu-bearing steels, is crucial due to its efficacy in mitigating hot shortness
during the forging operation [26,27].

In accordance with the Gleeble hot compression specimen standards, 4Cr16MoCu
steel was machined into cylindrical samples with dimensions of ®8 mm x 12 mm using
wire electrical discharge machining technology. The experiments were conducted on a
Gleeble-3500 testing machine with varying parameters; specifically, the hot compression
deformation temperatures were set at 900 °C, 950 °C, 1000 °C, 1050 °C, 1100 °C, and
1150 °C, and the constant strain rates were 0.001 s~1, 0.01 s71, 0.1 s}, and 1 s~1. The
detailed process flow for the thermal compression of the specimens is illustrated in Figure 1.
Initially, the specimens were heated to 1200 and homogenized for 300 s. Subsequently,
they were cooled to the respective deformation temperatures, followed by a 60 s soak
time prior to compression to eliminate internal temperature gradients, thereby achieving
uniform temperature and microstructure distribution. Upon deforming the specimens to a
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strain of 0.6, water quenching was applied to rapidly cool the specimens, preserving the
deformed microstructure. To obtain the microstructure of the material after hot compres-
sion, the deformed and water-quenched samples were sectioned along the axial direction.
The cut surfaces were ground, polished, and etched using an aqueous solution of HCl
and HNOs;. Subsequently, these etched surfaces were observed under a metallographic
optical microscope.

Temperature: 900, 950, 1000, 1050, 1100, 1150°C
Strain rate: 0.001, 0.01, 0.1, 1s7!

1200°C Holding 300 s

Temperature/°C

Holding 60 s Compression

Cooling rate
5°Cls

Heating rate: 20°C/s

==
A

Optical microstructure

Quenching

Time/s

Figure 1. Schematic illustration of the hot compression test process.

3. Results and Discussion
3.1. Hot Deformation Flow Curve

The variation in flow stress during hot compression is governed by the interplay
between work hardening and softening mechanisms. Figure 2 illustrates the representative
true stress—strain curves of 4Cr16MoCu MSS under different deformation conditions. As
shown in the figure, the flow stress increases with decreasing temperature and increasing
strain rate. During the initial stage of hot compression, a substantial generation of disloca-
tions occurs within the alloy, leading to work hardening and a rapid increase in stress with
strain [28]. Subsequently, a balance is achieved between dynamic softening and work hard-
ening, resulting in a steady-state flow stress [29]. At strain rates of 0.001 s~! and 0.01s7?,
the flow stress exhibits a relatively flat trend during the steady-state deformation stage.
This phenomenon is attributed to the enhanced thermal activation energy at lower strain
rates, which promotes recovery softening and counteracts the work hardening effect [30].
In contrast, at higher strain rates of 0.1 s 1and 1571, the flow stress continues to increase
gradually even after reaching the steady-state deformation stage. This behavior is caused
by the accelerated generation of dislocations at faster compression rates, which intensifies
the work hardening effect [31,32].

3.2. Constitutive Equation and Hot Deformation Activation Energy
3.2.1. Establishment of Constitutive Equation

During thermal deformation, the primary influencing factors on the true stress of
metallic materials are the deformation rate and deformation temperature [33]. In this study,
the Arrhenius constitutive model is employed to establish the following equation:

€= AF(O’)EXp(—IST) )

wherein, F(0) is a function of stress, and this expression can be further divided into three
forms: the form for low stress levels (xo < 0.8), the form for high stress levels (oco > 1.2), and
the form for all stress levels after the coefficients of the Arrhenius equation are modified
and optimized by Sellar based on the hyperbolic sine function.

56



Metals 2025, 15, 373

£=0.001s! £=0.01s1
900°C 900°C
150
g 950°C 950°C
200 ./_.,_,.—/—'-’— 1000°¢ 1000°¢
¥
- e 1050°C 1050°¢
50 . .
. 1150°C
1150°C
J
0 N L N . ol . .
0.0 02 04 06 1.0 12 00 0. 1 06 0.8 1.0 2
True Strain True St
50
©
o £=0.15s"1 900°C
90°C
s 0 950°C
S 950°C 1000°C
gaor 1000°C 1050°C
B
E‘lso L — 1050°C 1150°C
50
0

h):fD g

04 0.6 0.8 10
I'mue Stiain

L
05 10
True Strain

Figure 2. True stress-true strain curves of 4Cr16MoCu at different temperatures and strain rates:
(@)£=0.001s"1,(b)e=0.01s"1,(c)e=01s"1,(d)e=1s"1.

(1) Form for low stress levels (xo < 0.8):

: Q

— Ao™ = 2

€ 10" exp ( RT 2)

(2) Form for high stress levels (xo > 1.2):
¢ = exp(Bo)ep( — = )
RT

(3) The fully stress-level form after Sellars” modification and optimization of the coeffi-

cients in the Arrhenius equation based on the hyperbolic sine function:

- A[sinh(oca)]"exP(_RQ:r>

(4)

In the equation, ¢ represents the strain rate, with units of s~!; ¢ denotes the flow stress

corresponding to a specific strain, with units of MPa; 1 is the stress exponent; « is the stress
level parameter, obtained through the formula « = 8/n1; Q represents the deformation
activation energy, with units of KJ/mol; R is the ideal gas constant, typically taken as
8.314 J/(mol-K); T is the absolute temperature, with units of K; A, A1, Ay, B, and n; are all
material constants, which can be obtained through fitting.

Taking the characteristic point with a true strain of 0.3 as an example, the constitutive
equation at this true strain value (0.3) is constructed. By taking the logarithm of both sides
of Equations (2) and (3) and rearranging, we obtain

Ine¢ = InAq — Q + Ino

RT ©)
Ine = InA; — % + Bo (6)

Substitute the strain rate ¢ and stress o corresponding to the strain of 0.3 into
Equations (5) and (6), and establish the relationship plots of Ine— Ino and Ine—¢ as shown
in Figures 3a and 3b, respectively, with linear fitting applied. The average values of the
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slopes calculated are designated as n; and f3, yielding ny = 6.93758 and {3 = 0.055773333.
Subsequently, the stress level parameter « for 4Cr16MoCu steel is obtained as 0.008039. By
taking the logarithm of both sides of Equation (4) simultaneously, we derive

: 1 10 .
In[sinh(ac)] = ElnA + RT + Ine (7)
(a)
- & - [ ]
E . ) 3k
Ld® ¥
5:1) 1(;0 15‘0 J(IXI' J;O 5(‘:0 350

I sinheee) |

L L L L
7 -6 -5 -4 3 -2 -1 0 1 72x10 7 =10 B.0x107 LT
1T

Figure 3. Linear relationships between heat distortion parameters of 4Cr16MoCu steel at a true strain
of 0.3: (a) Iné — Ino, (b) Iné — o, (¢) In[sinh(ao)] — Ing, (d) In [sinh(ao)]—1/T.

Next, substitute the ¢ and o values corresponding to the true strain of 0.3 into
Equation (7). Scatter plots for In[sinh(xo)] — In ¢ and In[sinh(xo)] — 1/T were then con-
structed separately and subjected to linear fitting, as illustrated in Figure 3c,d. Subse-
quently, the slopes of the fitted lines were calculated and averaged to obtain the stress
exponent n = 5.0255 and the thermal deformation activation energy Q = 469.7088 KJ/mol
for 4Cr16MoCu steel.

Zener and Hollomon introduced the deformation rate Z factor for temperature com-
pensation [10], which quantifies the influence of deformation temperature and strain rate
on the hot deformation behavior of metallic materials:

Z = eexp <RQT> = A[Sinh(«xo)]" (8)

Taking the logarithm of Equation (8) yields

Infsinh(@0)] = ~InA + %R% + Tiné ©)

Substituting the experimental results into Equation (9), a relationship graph of InZ —

In[sinh(ac)] is established as shown in Figure 4. Through linear fitting, the intercept

InA = 38.95096, which determines A = 8.2449 x 10'°. From Figure 4, the linear correlation

coefficient R? for InZ — In[sinh(co)] is 0.98844, indicating a high degree of linear fit between
the two variables and thus a high level of accuracy.
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Figure 4. Relationship between peak stress and the Zener—Hollomon parameter.

In summary, substituting the calculated parameters «, 1, Q, and A into Equation (4)
yields the constitutive equation for 4Cr16MoCu steel at a true strain of 0.3 as follows:

e¢= 8.2449 x 1016[Sinh<0'00810')]5'0255exp (_ 4697088)

“RT (10)

3.2.2. Establishment of Strain-Compensated Model

The flow stress under a single strain can be predicted through the classical Arrhenius
model. However, this model neglects the influence of strain on the flow stress. Therefore, a
strain-compensation modification is applied to the classical Arrhenius model to establish
a relationship between strain (¢) and flow stress (o). Based on the true stress-true strain
data of 4Cr16MoCu steel under various conditions during hot compression tests, the
parameter-solving process described earlier is repeated with a true strain interval of 0.05.
The parameters (x, n, Q, A) of 4Cr16MoCu steel under strain conditions ranging from 0.05
to 0.9 are determined separately. The calculation results are shown in Table 1.

Table 1. Material parameters of the constitutive equations with different strain variables.

True Strain 14 n Q (KJ/mol) InA
0.05 0.0107 6.4472 576.2463 48.6392
0.1 0.0091 5.8427 532.3549 44.8246
0.15 0.0085 5.5857 510.5521 42.8791
0.2 0.0085 5.2924 489.6513 40.6982
0.25 0.0082 5.1712 474.6575 39.3945
0.3 0.0081 5.0255 469.7088 38.9510
0.35 0.0080 4.8268 453.8576 38.5051
0.4 0.0078 4.8616 457.3048 37.9121
0.45 0.0077 4.8040 453.0186 37.5417
0.5 0.0077 4.8075 451.5751 37.4570
0.55 0.0076 4.7907 448.8429 37.2464
0.6 0.0075 4.8067 446.1386 37.0091
0.65 0.0075 4.8188 445.0589 36.9167
0.7 0.0075 4.7665 441.1404 36.5856
0.75 0.0074 4.7937 440.0870 36.5127
0.8 0.0073 4.8315 442 5761 36.1681
0.85 0.0073 4.9002 439.2116 36.5026
0.9 0.0073 49644 441.8771 36.7634
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These four parameters all exhibit a nonlinear correlation with the strain variable €. A
seventh-degree polynomial, as shown in Equation (11), is employed to fit the relationship
between strain and the model parameters. The results are presented in Figure 5, where
the correlation coefficients R for each parameter against the strain are very close to 1. The
specific values of these coefficients are detailed in Table 2.

«(e) = By + Bie + 13282 + B3£3 + B4£4 + B5£5 + B6£6 + B7£7
n(e) = Co + Cre + Cpe? + Ce3 + Cyet + Cse® + Cee® + Cre”

Q(e) = Dg + Dje + Dye? + D33 4 Dye + Dse® + Dge® + Dye?

(11)

lnA(e) =Eg+Eie+ Ez&z + E3£3 + E4£4 + E585 + E686 + E7£7

0011

(a) (b)éi - "
fit line
0010 R*=0.99688
= = 60|
E 2
70009 é
g 8
S 2
= 0008 a2
= 7»
sotb
0007
L = = 45 1 1 1 n
00 o 04 05 o3 10 00 02 04 0.6 0.8 10
True Strain True Strain
600 50.0
(© (d)
®m LA
475 —— fitline
e R?=0.99817
£ 550
é S50
4 E
B Zast
5500 | 8
5 —_
3 gw.o
= b=
B8
< 450 375 F
A . . . 350 A i i i
00 02 04 06 08 10 0.0 02 04 06 038 10
True Strain True Strain

Figure 5. The relationship between equation parameters and true strain: (a) «, (b) n, (c) Q, (d) InA.

Table 2. Seventh-degree polynomial coefficients for «, 1, Q, InA parameter.

Stress Level

Strain Activation

Parameter (x) Stress Exponent (1) Energy (Q) InA
By =0.0146 Cy=7.6244 Dy = 644.7489 Ey = 53.6681
B = —0.1091 Cy = —33.1578 D, = —1790.6077 E; = —119.4691
B, =0.7925 C, =235.8938 D, =9861.2017 Ey =399.5431
B; = —3.0455 C; = —1028.2501 D3 = —-37,700 E3 = —779.8986
By = 6.5608 C4 =2576.0709 D4 =91,000 E4 =933.1345
Bs = —7.9708 Cs = —3594.5561 D5 = —127000 E5 = —648.6062
Be = 5.0996 Cg =2593.1982 D¢ =93,344.5432 E¢ = 190.1419
By = —1.3358 Cy; = —752.7588 Dy = —27,634.6160 E7 =11.0290

Deriving the stress o from Equation (4) and rearranging, the flow stress of the material
can be expressed by Equation (12):

(12)
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Furthermore, based on the definition of the hyperbolic sine function, Equation (12)
can also be represented as
7\ 2
— 1
(3)

o=l (Z)" 4
o A

By substituting the strain-dependent flow stress parameter relationship (Equation (11))
obtained from the above calculations into Equation (13), the high-temperature flow stress
model for 4Cr16MoCu steel under different deformation temperatures and train rates is

1
2

(13)

obtained, as shown in Equation (14):

o= sty (54)77+ [(29) +1]

Z(e) = éexp(%)

(14)

3.2.3. Verification of the Developed Constitutive Model

Using Equation (14), the stress values corresponding to different true strains, defor-
mation temperatures, and strain rates for 4Cr16MoCu steel were calculated. The actual
experimental values were compared with the model-calculated values to validate the
model; the results are shown in Figure 6, in the figure, the solid line corresponds to the
experimental results, whereas the colored dots represent the values predicted by the model.
From Figure 6b, it can be observed that there is a slight discrepancy between the flow stress
data and the actual values for the condition of 900 °C + 0.01 s~1. However, the errors be-
tween the calculated values and the experimental values under the remaining deformation
conditions are relatively small. This indicates that the predicted values calculated by the
equation are generally in good agreement with the actual stress—strain curves.
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Figure 6. Comparison of experimental and calculated values of rheological stress in 4Cr16MoCu steel
at different strain rates: (a) ¢ = 0.001s™ %, (b)¢=0.01s"1,(c)¢=01s"1, (d)e=1s"1.
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To quantitatively assess the accuracy of the present equations, as illustrated in
Equations (15) and (16), the correlation coefficient (R) and the Average Relative Error
(AARE) are introduced for quantitative analysis of the model [34,35].

Yis (B —F) (P —P)

R= — — (15)
VEN (B - ) XN, (P - P)
AARE = li E =B 100% (16)
NFI E

In these equations, E;, E represent the experimental stress values and their average,
respectively; P;, P denote the stress values predicted by the model and their average,
respectively; N stands for the number of experimental data points; and i indexes the
experimental sequences.

As shown in Figure 7, the solid line represents the best-fit curve between the exper-
imental values and the model-predicted values. The results indicate that the correlation
coefficient and the average relative error are 0.9917 and 3.8%, indicating a relatively small
overall error. Therefore, this strain-compensated constitutive equation can effectively pre-
dict the flow stress during the hot deformation process and provide a theoretical basis for
formulating a reasonable forming process for large-scale forgings.
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Figure 7. Correlation between the predicted value of the model and the experimental value.

3.3. Effects of Strain on Processing Maps and Microstructural Evolution

The thermomechanical processing map is established based on the dynamic materials
model (DMM) proposed by Prasad et al. [36], which allows for the determination of safe
and unstable regions during the hot working of materials, ultimately to determine the
optimum hot deformation condition for materials [37,38].

3.3.1. Establishment of Power Dissipation Maps

This model posits that the total energy P absorbed by a hot-worked workpiece instan-
taneously during deformation consists of a dissipative component G and a co-dissipative
component | according to Equation (17).

£ o
P:cré:G—i-]:/ crdé+/ édo (17)
0 0
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Once the temperature and strain during the hot working of the workpiece are deter-
mined, the relationship between the stress o experienced by the workpiece and the strain
rate can be expressed by Equation (18):

o=Ke™ (18)

In this equation, K represents the flow stress at a strain rate of 1, m is the strain rate
sensitivity exponent, which governs the power dissipation G and the dissipation covariant
J during the thermal deformation process of the material. The value of m can be obtained
through curve fitting of the Ino-Ine relationship, with its specific definition given by

m_[a]] _ dlno

L 19
aG|.r ok 19)

e, T

H. Ziegler [39] pointed out that for the steady-state rheological behavior of viscoplastic
solids, the value of m ranges between 0 and 1, and a higher value of m indicates a greater
energy requirement for microstructural evolution. When m is constant, the dissipation
covariant J can be simplified from Equations (3)-(17) as follows:

1
o, O o™ moe
]_/0 edo—/o (E) do = Ttm (20)

For nonlinear dissipative systems, due to the continuous nonlinear variation of J, for

the sake of computational convenience, it is compared with the ideal linear dissipative
factor J;qx to generate a dimensionless parameter, namely #, which represents the energy
dissipation efficiency arising from microstructural evolution:

J 2m

]max m+1 ( )

In the equation, 7 is termed the energy dissipation efficiency factor; Jy.x represents
the maximum dissipation covariant when m = 1, at which point the material is in an ideal
linear dissipative state. The distribution plot drawn by the # values obtained from different
temperatures T and strain rates ¢ forms the power dissipation map. The microstructure
evolution patterns of the workpiece during hot working deformation can be inferred from
the distribution of 77 values in the power dissipation map.

Next, taking the strain of 0.2 as an example, the power dissipation map and instability
map for 4Cr16MoCu are plotted. Initially, based on the stress—strain curves depicted in
Figure 2, the stress value o corresponding to the strain of 0.2 is extracted. A o — Ine scatter
plot is constructed and subjected to linear fitting, with the results presented in Figure 8a. It
is evident from the figure that there is a good linear correlation between the two variables.
Subsequently, a Inc — Ine curve is plotted and fitted using a cubic polynomial, as shown in
Figure 8b. The cubic spline function, as expressed in Equations (3)—(22), is then solved:

Ino = k + byIné + by [Iné] * + b3 [Iné] > (22)

The coefficients k, by, by, b3 of the cubic function in the figure are used to calculate
the values under various conditions. A (Inc)/ — Iné scatter plot is constructed and fitted,
with the results displayed in Figure 8c. Combining Equation (19), by taking the partial
derivative of Equation (22) again, the value of m can be obtained. Further, # can be derived
using Equation (21).

__ dlno

m=-— =b +2b21né:+3b3(lné)2 (23)
dlne
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For subsequent comparison of hot working maps under different true strain values,
similarly, the # values at strains of 0.4, 0.6, and 0.8 are calculated using the aforementioned

method. The specific values are presented in Table 3.
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Figure 8. Fitted plots for parameters at strain 0.2: (a) ¢ — In¢, (b) Inc — Ing, (c) (Inc)’ — Iné.

Table 3. Energy dissipation efficiency factor values (1) under different strain conditions.

Energy Dissipation Efficiency Factor Values (1)

. . B
Strain Strain Rate (s™) —g/ o 950 °C 1000 °C 1050 °C 1100 °C 1150 °C
0.001 0.2827 0.1981 0.1692 0.2929 0.2283 0.1888

0w 0.01 02112 0.3005 0.2933 0.2867 0.3165 03221

: 0.1 0.1359 0.2411 0.2287 0.2415 0.2759 0.3066

1 0.0565 0.0183 0.0691 0.1508 0.0858 0.1335

0.001 0.2763 0.1837 0.119 0.2931 0.2433 0.2080

s 0.01 0.2242 03114 0.2955 0.3291 0.4097 0.4263

' 0.1 0.1364 0.2299 0.2505 0.2723 0.3467 0.3982

1 0.0022 0.1174 0.0526 0.1019 0.0104 0.0936

0.001 0.2698 0.1642 0.1234 0.3127 0.2614 0.2341

06 0.01 0.2448 0.3263 0.3080 0.3372 0.4043 0.4009
: 0.1 0.1543 0.2369 0.2609 0.2695 0.3398 0.4156

1 0.0233 0.1689 0.0586 0.0844 0.0085 0.0269

0.001 0.2922 0.2022 0.1478 0.2979 0.2916 0.1014

08 0.01 0.2415 0.3288 03023 0.3240 0.3736 0.3955

: 0.1 0.1497 0.2355 0.2504 0.2635 03073 0.3815

1 0.0039 0.1438 0.0491 0.0960 0.0509 0.0412

At a given strain, plotting the values of 7 at various temperatures and strain rates onto
a contour map constitutes the power dissipation map. The power dissipation efficiency map
on the T — Ig(¢) plane is plotted using Origin software (OriginPro 2018C), with the results
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shown in Figure 9. Combining the results from Table 3, it can be observed that the variation
trend of 7 values for 4Cr16MoCu steel under different strains tends to be consistent: the
maximum # values at various strains are concentrated in the low strain rate region near
0.01~0.1 s!, with temperature ranges mainly focused on approximately 950~1000 °C
and 1100~1150 °C. The combination of these two temperature ranges can be preliminarily
considered as the optimal hot working region for 4Cr16MoCu steel. Comparing the %
values under the same parameters among the four strains, the results indicate that the 7
value of 4Cr16MoCu steel also increases as the strain increases. This is due to the increasing
number of dislocations within the steel as strain progresses, which subsequently increases
the driving force required for dynamic recrystallization to occur within the microstructure.
According to the dynamic materials model theory, an increase in the # value also represents
an increase in the energy utilized for microstructural evolution.
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Figure 9. Power dissipation map at each strain: (a) e = 0.2, (b) e = 0.4, (c) e = 0.6, (d) e = 0.8.

3.3.2. Construction of Instability Maps

Generally, a higher power dissipation efficiency factor (1) indicates that the material
consumes more energy during microstructural evolution, making the material more prone
to recrystallization and suggesting that the material will exhibit better processability [40].
However, high 7 values can also be observed in the region of processing instability. There-
fore, based on the principle of extreme values in irreversible thermodynamics of large
plastic deformation, Prasad and Murthy proposed a processing instability criterion:

m
&(¢) :%+m<0 (24)

The physical significance of Equation (24) is that when the entropy production rate of
a system is less than the strain rate applied to the system, i.e., £ <0, plastic deformation
will localize, leading to flow instability.

Similarly, by calculating the ¢ values and constructing contour plots of ¢ as a function
of temperature and strain rate, the instability parameter region for 4Cr16MoCu steel can be
determined. For a strain of 0.2, the value of In(m/(m + 1)) is first calculated using the m
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values obtained in Equation (23) Then, a cubic spline function is used to fit the functional
relationship between In(m/(m + 1)) and Ine, and the coefficients e, f, g, h are obtained
through regression analysis.

1n<mn;1> —e+flné+g(né)’ +h(iné)’ (25)
(¢) = % +m = (1—|—2m(ln ¢) +3n(In é)z) +m<0 (26)
~ dlné N

By substituting the coefficients e, f, g, h and their corresponding m values into
Equation (26), the ¢ values can be obtained, as shown in Table 4.

Table 4. The corresponding ¢ value under different strain conditions.

) ) ) ¢ Value

Strain  Strain Rate (™9 g, 950 °C 1000°C  1050°C  1100°C 1150 °C

0.001 0.0291 0.1804 0.4833 0.1730 0.2901 0.4347

0w 0.01 —0.0202 0.3442 0.2482 0.1361 0.2703 0.3118

: 0.1 ~01928  —03459  —0.1740 0.0086 —0.0823 0.0042
1 ~04888 18713  —07117  —02097  —07677  —0.4883

0.001 —0.2678 0.5979 0.5095 0.2009 0.2071 0.8331

s 0.01 0.2020 0.1821 0.3315 0.2041 0.3250 0.5915
: 0.1 —0.6080  —0.0939  —02128  —00752  —01673  —0.1980
1 —26978  —00754  —10734  —0.6370  —12697  —15352

0.001 0.0389 0.7488 0.6622 0.1904 0.0514 0.1461

0 0.01 0.0951 0.2028 0.3627 0.2163 0.5210 0.5398
: 0.1 ~03503  —0.0802  —01923  —0.0990  —04243  —0.1603
1 ~1.2738 0.0845 —09424 07557 -2.7846  —2.1076

0.001 —0.3490 0.5778 0.6415 0.2171 0.1301 0.5128

08 0.01 0.2139 0.1997 0.3574 0.2161 0.5265 0.4551
: 0.1 —06865  —01153  —02081  —0.0617  —03963  —0.0376
1 ~3.0502  —02427  —10012  —0.6163 26278  —0.9651

Similarly, using Origin software, different ¢ values are substituted onto the T — lg(¢)
plane, and contour maps are plotted to represent the instability maps of the steel under
various strains, as shown in Figure 10. The negative ¢ value regions in Figure 10 indicate
the hot forging parameters where instability occurs during the hot working of 4Cr16MoCu
steel. By comparing the instability maps at different strains, it can be seen that the instability
phenomenon in 4Cr16MoCu steel is mainly controlled by the strain rate. When the strain
rate exceeds 0.1 s~1, the material is highly susceptible to instability. For steel grades with
poor plasticity, such as this one, forging at a high deformation rate during hot forging can
easily lead to instability phenomena, such as cracking.

Subsequently, contour plots are formulated utilizing the ¢ values to delineate the
zones within the workpiece where deformation instability manifests, termed the instability
map. Through the superposition of the power dissipation map onto the instability map, the
hot working map pertinent to the specified deformation conditions is derived. Figure 11
illustrates the establishment of hot working maps corresponding to distinct strain condi-
tions, where gray-shaded regions denote instability zones, whereas the unshaded areas
signify the suitable processing domains.
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By analyzing the hot working maps across four strain levels, it is evident that for
4Cr16MoCu steel, the flow instability zone predominantly concentrates in the high strain

rate region of approximately 0.01 s~! and higher. The maximum permissible thermal
deformation rate of the material, as deduced from Figure 11a, is approximately 0.018 s~ 1.
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Throughout the entire hot forging process, minimal variations are observed in the insta-
bility zone, suggesting inadequate plastic deformation characteristics for this steel grade.
Considering the inconsistency in strain across various parts of the steel component during
hot forging, along with the 1 values under different strain parameters depicted in the
figure, the peak # value occurs in two regions: one within the range of 950-1000 °C at a
strain rate of 0.01 s~! with an 7 value of approximately 0.32, and another within the range
of 1100-1150 °C at a strain rate of 0.01 s~! with an 7 value reaching approximately 0.4.
Given the practical requirements of hot forging to determine the initial and final forging
temperatures, these two sets of parameters can be adopted as the suitable hot forging
parameters for 4Cr16MoCu steel, namely an initial forging temperature of 1125 °C, a final
forging temperature of 980 °C, and a strain rate set at 0.01 s 1.

Figure 12 illustrates the microstructures of 4Cr16MoCu specimens subsequent to
selecting representative hot compression parameters. Specifically, Figure 12a and b de-
pict the microstructures of the instability zones at 900 °C + 1 s~ ! and 1000 °C + 157},
respectively. Both specimens exhibit localized deformation bands internally, with grains
predominantly undergoing deformation and elongation along the direction of hot com-
pression. As temperature increases, grain size augments. The microstructure exhibits
a mixed grain phenomenon attributed to incomplete recrystallization, which degrades
the workpiece properties and predisposes it to instability [41]. Figure 12¢,d display the
microstructures of the regions at 1100 °C + 0.001 s~! and 1100 °C + 0.01 s~ 1, respectively.
The results indicate the occurrence of dynamic recrystallization in both samples. However,
a lower deformation rate leads to the formation of larger grains, adversely affecting the
material properties. Consequently, maintaining a strain rate of 0.01 s~ ! results in a more
uniform microstructure of the workpiece.

(a) (b)

(d)

Figure 12. Microstructure of 4Cr16MoCu under different deformation conditions: (a) 900 °C, ¢ =1 s 1
(b) 1000 °C, ¢ =171, (¢) 1100 °C, ¢ = 0.001 s~ 1, (d) 1100 °C, ¢ = 0.01 s~ 1.
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4. Conclusions

1.  The forging temperature range of 4Cr16MoCu stainless steel is relatively narrow.
During the forging process, its deformation resistance increases significantly with the
rise in deformation rate, exhibiting a pronounced sensitivity to strain rate.

2. The Arrhenius model constitutive equation was established using corrected flow
stress. The dependence of flow stress on strain rate and temperature during hot
difformation can be expressed as

27)

, 469.7088
= 8.2449 x 10'°[sinh(0.00810)]*9% exp ()

RT

This demonstrates the reliability of the model for practical applications. The findings
provide valuable insights into the hot deformation behavior of 4Cr16MoCu steel,
and the established equation can serve as a theoretical foundation for optimizing
processing parameters in industrial applications.

3. Based on the dynamic materials model, a hot processing map for 4Cr16MoCu steel was
established, and the optimal hot working process window for 4Cr16MoCu steel was
determined in conjunction with microstructural evolution. The optimal conditions
include an initial forging temperature of 1125 °C, a final forging temperature of 980 °C,
and a strain rate of 0.1 s~!, which result in a fine and uniform grain structure. To
avoid uneven deformation, high strain rate areas of 0.18 s~! and above should be
avoided during hot processing.
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Abstract: Fe-Mn-Al-C low-density steels are regarded as promising materials applied in the automo-
tive industry to achieve the minimization of vehicular emissions and fuel consumption. This study
investigates the high-temperature strength and hot ductility of Fe-22Mn-9Al-0.6C low-density steel
through high-temperature tensile tests at 800-950 °C. The high-temperature strength decreases with
an increasing deformation temperature. This indicates that the precipitation of B2 reduces the hot
ductility during the hot deformation of steel, where the results are consistent with those during the
solid-solution treatment at 800-950 °C with a holding time of 0.5 h. Furthermore, at 800 °C the y
transforms into a mixture of « + DO3 and k-carbide precipitates. A transformation of k + DO3—B2
occurs in the temperature range of 850-900 °C, and at this point the k-carbide dissolves into the
matrix and B2 is generated, resulting in a significant decrease in hot ductility. As the temperature
increases up to 950 °C, B2 emerges and transforms into the 5 phase, and the k-carbide precipitates
along the y/y grain boundaries. The precipitation of B2 during high-temperature treatments in
Fe-Mn-Al-C low-density steels is the critical factor affecting hot ductility, leading to crack generation;
therefore, it is extremely essential to prevent the temperature interval of B2 precipitation during hot
deformation processes.

Keywords: Fe-Mn—-Al-C low-density steels; hot ductility; B2 precipitate; secondary phase transforma-

tion

1. Introduction

Pressing environmental issues have led to a higher demand for lightweight automo-
biles [1]. Unfortunately, the traditional method of improving the strength of advanced
high-strength steels cannot meet the requirements. In such cases, Fe-Mn-Al-C low-density
steels are widely used due to their lower density and excellent combination of strength and
ductility [2-17].

Some studies have reported the mechanical properties of Fe-Mn-Al-C low-density
steels where the ultimate tensile strength, total elongation, and yield strength are in the
ranges of 0.6-2.0 GPa, 30-100%, and 0.5-1.4 GPa, respectively [8,18-23]. Yoo et al. [19]
reported that the results for the combination of strength and ductility exceeded 80 GPa-% in
Fe-28Mn-9A1-0.8C low-density steel. In the study [8], an optimal aging at 450 °C resulted
in the subject alloy possessing a high yield strength of 1383 MPa with 32.5% elongation in
Fe-9A1-28Mn-1.8C low-density steel. The excellent combination of strength and ductility
in Fe-Mn-Al-C low-density steels is closely related to their microstructure, especially the
secondary phases, such as k-carbide, B2, DOj3, and 3-Mn, owing to the high contents of
Mn, Al, and C, which provide an important strengthening effect [3,12,24-27].

k-carbide forms during treatment at 500 °C to 900 °C in Fe-Mn—-AIl-C low-density
steels, and fine intragranular k-carbide is considered to play a positive role in improving
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the yield stress [3,6]. In addition to k-carbide, B2 and DOj3 ordered phases can also appear
in Fe-Mn—-AIl-C low-density steels. The B2 ordered phase exhibits various morphologies
in Fe-Mn-Al-C low-density steels: (1) coarse and elongated B2 bands, (2) polygonal B2
particles formed at grain boundaries, and (3) sharp-edged B2 particles within an austenite
matrix [12,25-30]. B2 precipitates from the « when the temperature reaches the ordering
temperature range, and the growth of the B2 is believed to follow the classical grain
growth kinetics [31]. In the Fe—Al phase diagram, the Al belongs to an « stabilizer. When
the atomic fraction of Al is higher than 20%, the body-centered cubic (BCC) structure
mutates from a disordered structure to an ordered structure, becoming a DO3 phase with a
stable Fe3z Al structure. The stabilized DOj structure is transformed into a B2-structured
Fe-Al phase when the temperature is higher than 530 °C [32]. Chao et al.’s [33] study
reported that DO3 + k-carbide appeared on the austenite grain boundaries in Fe-28.6Mn-—
9.8Al1-1.0C-0.8Si aged at 725 °C and 750 °C for 2 h, while a B2 + DO3 phase was detected
after aging at 800 °C for 1 h. After aging at 840 °C for 1 h, the k-carbide disappeared.
The authors of [33] suggested that a disordered BCC phase can be formed within the
temperature range of 800-840 °C, and that a transformation occurs between the ordered
phases during quenching at 840 °C, resulting in the formation of the B2 phase. Depending
on the chemical composition and heat treatment conditions, 3-Mn phases can also form
in the microstructure of low-density steels. 3-Mn phases with lath-shaped morphology
appeared in Fe-31Mn-11AI-0.9C aged at 550 °C for 5 h [34].

Despite the excellent combination of strength and ductility in Fe-Mn-Al-C low-
density steels at room temperature due to the precipitations, the formation of the secondary
phases along the grain boundaries can cause cracks and weaken the high-temperature per-
formance [35-38]. Moon et al. [36,37] investigated the high-temperature tensile properties
of Fe-24Mn-8Al1-1C and Fe-30Mn-9Al-1C low-density steels, showing that the ductility
was greatly reduced at temperatures of 600-900 °C due to the coarse k-carbide formed
in the matrix and along the austenite grain boundaries. The coarse k-carbide strength-
ened the matrix but weakened the solid-solution-depleted regions adjacent to the grain
boundaries, leading to high-temperature embrittlement and intergranular cracking. Lee
et al. [38] reported that the strength increased dramatically yet the ductility exhibited a
considerable decrease in Fe-31.4Mn-11.4A1-0.89C low-density steel, which was attributed
to B-Mn precipitation at the «/7y interfaces and v/vy grain boundaries during aging at
550 °C. The decrease in the hot ductility is of great importance in limiting the hot processing
of Fe-Mn-Al-C low-density steels [39,40]. However, there has been limited research on the
effects of secondary phases’ precipitation on the hot ductility and deformation mechanisms
of Fe-Mn-Al-C low-density steels [36-38], particularly the action of B2 and DO3 during
high-temperature deformation.

Our previous study on designed Fe-22Mn-9AI1-0.6C low-density steel for automotive
connecting rods found that the ends of the connecting rods exhibited cracks during the hot-
forging process. To clarify the cracking of connecting rods, this study aimed to investigate
the effects of secondary phases on the hot ductility of Fe-22Mn-9A1-0.6C low-density steel
during high-temperature deformation. Meanwhile, the effects of the secondary phases’
precipitation on the generation of cracks are discussed, with a focus on B2.

2. Material and Experimental Methods

A 200 kg ingot of Fe-22Mn-9AI1-0.6C steel was prepared via induction melting in an
argon atmosphere, and the chemical composition was measured by titration. The ingot was
soaked completely at 1100 °C for 6 h and then hot-forged into a rod of 60 mm in diameter
at the temperature range of 1000 °C to 1150 °C followed by cooling to room temperature
in sand. The average density of the Fe-22Mn-9AI-0.6C steel was 6.80 g/cm?, which was
measured using a STARTORIU BP211D electronic analytical balance (STARTORIU Ltd.,
Giitzenburg, Germany). Figure 1 shows an SEM image of the microstructure after hot-
forging, showing that the microstructure of the hot-forged steel consists of austenite (y)
and ferrite ().
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Figure 1. SEM image of the microstructure after hot-forging.

The specimens for high-temperature tension tests were cut from the hot-forged rod,
machined to a diameter of 6 mm and gauge sections of 36 mm, with threads on both
end sides. The size of the high-temperature tension test specimens is shown in Figure 2a.
According to the standard GB/T 228-2010 [41], the high-temperature tensile tests were
conducted using an INSTRON 5982 high- and low-temperature tensile testing machine (IN-
STRON Ltd., Canton, SD, USA) at 800 °C, 850 °C, 900 °C, and 950 °C, with a strain rate of
1.6 x 1072 571, and the specimens were preheated at the test temperatures for 10 min before
deformation. Four tests were performed at each temperature. The specimens nearing frac-
ture after the high-temperature tensile tests were cut to a cross-section of 10 mm x 10 mm
along the longitudinal axis to explore the evolution of the secondary phases.

i 30 mm i (b) N

& mm

25mm 36 mm

90 mm

e — /

Figure 2. Schematic illustrations of (a) high-temperature tension test specimens and (b) microstructure
observation in the fractured specimens (red dotted box).

Additionally, another set of specimens with dimensions of 10 mm x 10 mm x 10 mm
were cut from the forged rod and solid-solution treated at 800 °C, 850 °C, 900 °C, and 950 °C
for 0.5 h, before being water-quenched to room temperature to determine the secondary
phases’ precipitation behaviors.

The microstructure and secondary phases were identified through a combination of
RIGAKU SmartLab X-ray diffraction (XRD, RIGAKU Ltd., Tokyo, Japan), ZEISS SIGMA300
scanning electron microscopy (SEM, CARL ZEISS AG Ltd., Oberkochen, Germany), and
JEOL JEM-F200 transmission electron microscopy (TEM, JEOL Ltd., Tokyo, Japan). The
fractured specimens and solid-solution specimens were mechanically ground and polished
for the XRD measurements, and the location of the cross-section is shown in Figure 2b. The
XRD measurements were performed using Cu K« radiation with a scanning rate of 2 °/min
in the scanning range of 40-100°. After the XRD measurements, the fractured specimens
and solid-solution specimens were prepared for TEM and SEM observations, respectively.
The thin TEM slices were cut at the fracture site of the fractured specimens to dimensions
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(a) 200

Engineering stress, MPa

of 8mm x 10 mm x 0.2 mm, mechanically polished to a thickness of approximately 70 pum,
and then manually punched into discs with a diameter of 3 mm. The TEM discs were
electrochemically etched using a LEBO TJ-100SE twin-jet electrolytic polishing machine
(LEBO Ltd., Jiangsu, China) in a mixed solution of 5 vol% perchloric acid and 95 vol%
methanol at —30 °C, using a voltage of 15 V. The TEM observations were performed under
dark-field mode for the identification of ordered precipitates. The solid-solution specimens
for the SEM observations were etched in a solution of 10% nitric acid. The SEM observations
were operated at 20 KV.

3. Results
3.1. High-Temperature Tensile Properties

Figure 3 shows the high-temperature tensile properties of Fe-22Mn-9AI1-0.6C low-
density steel at the deformation temperatures of 800-950 °C. From Figure 3b, it can be
seen that the high-temperature strength shows a decreasing trend from 170 MPa to 44 MPa
as the deformation temperature increases. It is worth noting that the reduction in high-
temperature strength at 800 °C to 850 °C is 92 MPa, which is much higher than the other
deformation temperature spans. In addition, the elongation after fracture is approximately
60% at the deformation temperatures of 800 °C, 850 °C, and 900 °C, while for 850 °C and
900 °C it decreases to around half of the maximum (31% and 33%, respectively). It is
believed that phase transformation occurs in the range of 850 °C to 900 °C, leading to the
hot ductility worsening, which presumably causes and promotes crack generation in the
forged connecting rods.

(b)

200

150 1

100

100

High-temperature strength, MPa

50

% ‘uoneduo[g

T
(o]
w

T T T T
10 20 30 40 50 60 70 800 850 900 950
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Figure 3. High-temperature tensile properties at deformation temperatures from 800 °C to 950 °C:
(a) engineering strain—stress curves; (b) tensile stress and elongation.

3.2. Precipitates after High-Temperature Tensile Tests

Figure 4 shows the XRD intensity profiles of the fractured specimens subjected to
high-temperature tensile tests at temperatures of 800-950 °C for Fe-22Mn-9AIl-0.6C steel,
where (a—d) are the diffraction peaks of the matrix, DOj3, B2, and k-carbide, respectively. In
Figure 4a, there are the diffraction peaks of face-centered cubic (FCC) and BCC structures,
corresponding to v and 9, respectively. Furthermore, it can be seen that the diffraction
peaks of the DO3(400), B2(110), and k-carbide(111) appear at deformation temperatures of
800900 °C, 850-900 °C, and 800 °C in Figure 4b—d, respectively.
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Figure 4. XRD intensity profiles of the fractured specimens at deformation temperatures of
800-950 °C: (a) matrix, (b) DOj3, (c) B2, and (d) k-carbide.

Figure 5 shows the TEM results of the microstructure near the fracture in Fe-22Mn-—
9A1-0.6C after high-temperature tensile tests at 900 °C and 950 °C. The incident direction
of the electron beam is [01-1]. The TEM high-resolution image and selected-area diffraction
(SAD, JEOL Ltd., Tokyo, Japan) patterns of the precipitates in the fractured specimen at
900 °C are shown in Figure 5a, indicating that the diffraction pattern presents the FCC
structure of y. Moreover, weak superlattice diffraction spots were detected, which were
identified as B2 and DOj after calibration. Figure 5b shows the TEM dark-field image and
SAD patterns of the precipitate in the fractured specimen at 950 °C, revealing the presence
of nanoscale precipitates within the y grain boundaries, which were identified through
calibration as k-carbide. In the deformation temperature range of 900 °C to 950 °C, the

transformation of secondary phases occurred, meaning that the B2 changed to k-carbide.

Combined with the XRD results, the precipitates were DO3 and k-carbide at 800 °C; as the
temperature increased to 850 °C, the k-carbide dissolved and B2 precipitated. The presence
of the B2 and DOj remained when the deformation temperature increased to 950 °C; at
higher temperatures, the DO3 and the B2 dissolved and the k-carbide re-precipitated.
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Figure 5. TEM images and SAD patterns of the precipitates in the fractured specimens at (a) 900 °C
and (b) 950 °C.

3.3. Precipitates under High Temperature

Figure 6 shows the SEM images of the microstructure in the solid-solution specimens
at 800-950 °C, with a holding time of 0.5 h. It can be seen that the microstructure consists of
equiaxed vy and banded « (Figure 6a—c), and all grains are equiaxed when the temperature
exceeds 950 °C (Figure 6d). In addition, some discrete particles (marked by red arrows) can
be observed in the microstructure at 800-950 °C.

Figure 6. SEM images of the microstructure in solid-solution specimens at different temperatures:
(a) 800 °C, (b) 850 °C, (c) 900 °C, and (d) 950 °C (red arrows indicate discrete particles).
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(a)

(c)

Intensity, a.u.

Intensity, a.u.

Figure 7 shows the XRD intensity profiles of the solid-solution specimens subjected
to temperatures of 800-950 °C with a holding time of 0.5 h for Fe-22Mn-9AI-0.6C steel,
where (a—d) are the diffraction peaks of the matrix, DO3, B2, and k-carbide, respectively.
In Figure 7a, the diffraction peaks of FCC and BCC structures can be seen, correspond-
ing to vy and 9, respectively. In addition, it can be seen that the diffraction peaks of
the DO3(400), B2(211), and «-carbide(111) appear at the deformation temperatures of
800-900 °C, 850-900 °C, and 800 °C/950 °C in Figure 7b—d, respectively.
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Figure 7. XRD intensity profiles of the solid-solution specimens at the temperatures of 800-950 °C:
(a) matrix, (b) DOj3, (c) B2, and (d) k-carbide.

4. Discussion

The reduction in high-temperature strength from 800 °C to 850 °C is much greater
than for other deformation temperature intervals in Fe-22Mn-9AI1-0.6C steel. From the
XRD intensity profiles in Figure 4a—d, it can be seen that DO3; and k-carbide existed in
addition to y and 6 at 800 °C. At 850 °C, the k-carbide disappeared and B2 appeared. It is
well known that the interactions between k-carbide and dislocations play an important role
in the strength increase of Fe-Mn—Al-C low-density steels [42]. Therefore, the sudden drop
in high-temperature strength at the deformation temperature of 850 °C can be attributed to
the disappearance of the k-carbide in Fe-22Mn—-9AI-0.6C steel.

In previous studies [43—45], k-carbide was detrimental to ductility, while it increased
the strength of Fe-Mn—-Al-C low-density steels. In the engineering stress—strain curves of
Figure 3a, the disappearance of k-carbide does not enhance the ductility, instead causing
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a substantial reduction, which is well explained by the appearance of the B2 phase in
Figure 4c. As the temperature increased to 850-900 °C, the k-carbide dissolved and B2
precipitated, as shown in Figure 4c,d and Figure 7c,d. Upon further increasing the tempera-
ture to 950 °C, the B2 dissolved and the k-carbide re-precipitated. From the TEM results
in Figure 5, it can be seen that B2 and DOj3 existed at the deformation temperature of 900
°C, while k-carbide emerged at 950 °C. The decrease in the hot ductility at the deformation
temperatures of 850-900 °C is believed to be the consequence of the B2 precipitation. There-
fore, it is necessary to avoid the precipitation of B2 during hot deformation processes for
Fe-Mn-Al-C steel. In Figure 5b, it can be seen that the size of k-carbide is at the nanometer
scale, suggesting that the lack of k-carbide diffraction peaks may be attributed to the small
size of the k-carbide at this temperature.

In Figure 6, some discrete particles can be observed in the solid-solution specimens
at 800-950 °C. Liu et al. [46] reported that a mixture of & + DOj3 particles preferentially
forms along the austenite grain boundaries during the solid-solution treatment and is
retained after quenching. According to the Fe—C phase diagram, the austenite begins to
undergo an ordering transformation of y— o when the carbon content is below 0.77% and
the temperature is above Acl, and disordered « phases form within the austenitic matrix.
The formation of the « phase is closely related to the high Al content in the experimental
steel, i.e., the increase in the Al content, as a ferrite stabilizer, decreases the stability of
austenite under higher temperatures, thereby expanding the ferrite region and leading
to the formation of a ferrite phase during the solution treatment [3]. These x phases
combine with DO3 and are retained after quenching. In Figures 4 and 7, the k-carbide
had already precipitated at 800 °C. The molecular formula for k-carbide is (Fe, Mn)3(Fe,
Al)Cy with a face-centered cubic structure. The Al and Fe (Mn) are located at the corner
and face-centered positions, respectively; hence, Al-Al nearest neighbors do not exist. The
DOs-type antiphase vectors a/2<100> can produce Al-Fe nearest neighbors, which are
similar to those existing in the k-carbide structure. Therefore, k-carbide can form not only
on the austenite matrix [47], but also within the ordered DOj3 regions [48-50]. After the
precipitation, the k-carbide’s rapid quenching results in smaller-sized k-particles, which
are solubilized in the austenite matrix along with oc and DO3 with a discrete particle form.

Therefore, the XRD results of both the solid-solution treatments and high-temperature
tensile tests specified that two phase-transition reactions occurred at 800-950 °C. Within
the temperature range of 800-850 °C, the k-carbide formed within the o phase did not
segregate internally [46] and was solidly dissolved with the discrete particles. This struc-
ture can be preserved up to 850 °C, and the DO3 + k—B2 phase transition occurs in the
mixtures at 850-900 °C [51]. When maintained at this temperature, a significant amount of
B2 is generated, and the k-carbide dissolves. The B2 is generated from discrete particles
by ordered transformation and distributed along the austenite grain boundaries, leading
to a transition in the fracture mode of the steel towards brittle fracture [27], which results
in a significant reduction in the hot ductility of low-density steel. Moreover, in B2-type
structures, unlike the DOj3 structure, a/4<111> displacements produce Al-Al nearest neigh-
bors; therefore, B2 is not favorable for the formation of k-carbide precipitates. Therefore,
aside from participating in phase transformation reactions, this could be another crucial
factor contributing to the disappearance of k-carbide between 850 °C and 900 °C. As the
temperature increases, the DO3; + k—B2 phase transition terminates. The B2 gradually
decomposes and transforms into the 6 phase at high temperatures (Figures 4b and 7b)
as the temperature increases up to 950 °C, being solidly dissolved in the vy matrix. The
precipitation of k-carbide is no longer suppressed, precipitating as nanoscale particles at
the y/v grain boundaries. The whole phase transformation reaction can be summarized
as « + DO3 + k—B2—0 + k in Figure 8. Thus, the occurrence of cracks in the connecting
rod blanks can be attributed to the rapid cooling at the ends during the forging process,
with some regions cooling to temperatures within the range of 850-900 °C, resulting in the
formation of B2, which causes brittleness, poor hot ductility, and the initiation of cracking
(stress concentration) during thermomechanical processes.
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800°C 850°C-900 °C >950°C

Figure 8. Schematic illustration of the secondary phases’ transformations at 800-950 °C.

5. Conclusions

The hot ductility and secondary-phase transformations of Fe—22Mn-9A1-0.6C low-
density steel were investigated in this study and the following conclusions are drawn:

(1) The reduction in high-temperature strength at 800 °C to 850 °C is much higher than
for other deformation temperature intervals, which is presumably attributable to the
dissolution of k-carbide.

(2) The hot ductility decreases to half of the maximum, from approximately 60% to 30%,
at deformation temperatures of 850-900 °C, which is presumably attributable to the
formation of B2 in Fe-22Mn-9AI1-0.6C low-density steel.

(3) The secondary phase transformations that occur as the temperature increases from
800 °C to 950 °C are considered to be & + DO3 + k—B2—6 + k in the matrix.

(4) The reduction in hot ductility tends to cause cracks in the alloy during the hot-forging
process and may even lead to scrapping, which needs to be taken care of during
hot deformation.
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Abstract

We explored the effects of different solution treatment temperatures on the microstructure,
mechanical properties and wear resistance of alloyed high-manganese steel, as well as the
correlations among the three parameters. The results indicated that the average grain size
of high-manganese steel first decreases and then gradually increases with an increasing
solution temperature. After solution treatment, the surface hardness of the high-manganese
steel is lower than that of untreated steel. At a solution treatment temperature of 1050 °C,
the surface hardness value is lowest, at 253.1 HV. In addition, the optimal combination
of tensile strength, yield strength and work hardening rate is observed at a solution
treatment temperature of 950 °C. The friction performance test results revealed that the
average friction coefficient on the surface of the high-manganese steel first decreased
and then increased with the increase in solution treatment temperature. After solution
treatment at 950 °C, it reached a minimum value 0.273 due to oxidation friction. Meanwhile,
the hardness of the steel after friction increased rapidly because of its excellent work
hardening ability, so the wear rate was relatively low, approximately 0.223 x 10713 m?/N,
demonstrating optimal wear resistance. After solution treatment, the average grain size of
high-manganese steel changed, and there was a transformation of the wear mechanism;
the friction and wear mechanism shifted from a combination of particle wear and fatigue
wear to adhesive wear, with particle wear as the auxiliary.

Keywords: high-manganese steel; solution treatment; solution temperature; mechanical
properties; wear resistance

1. Introduction

As a traditional wear-resistant material, high-manganese steel has been widely uti-
lized in high-wear industrial fields, including for mining equipment, railway crossings,
and crusher liners [1-4]. However, evolving industrial demands have imposed increas-
ingly complex service conditions—such as multi-axis impact loads and high-stress erosive
environments—which necessitate enhanced comprehensive properties in high-manganese
steel, particularly in terms of strain-hardening capacity, impact toughness, and wear
resistance under extreme stress [5]. To address these challenges, researchers have em-
ployed diverse strategies to optimize the mechanical properties and wear resistance of
high-manganese steel, including microalloying or re-alloying [6-9], pre-hardening treat-
ments [10-13], and heat treatment [5,14-18].

Metals 2025, 15, 937 https://doi.org/10.3390 /met15090937
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Feng et al. [9] investigated the microstructural evolution and impact wear behavior of
Al-alloyed high-manganese steel and reported that the addition of aluminum improved
the stacking fault energy of high-manganese steel, changed the strain hardening and defor-
mation mechanism of the metal, and thus improved the wear resistance of the austenite
matrix. Wang et al. [13] studied the effects of surface impact parameters on the perfor-
mance of pre-hardened high-manganese steel samples. The results revealed that impact
hardening increased the hardness of the top surface and within a certain depth. In addition,
the tested steel exhibited good wear resistance after surface impact hardening. However,
excess impact induced microcracking along the top surface, resulting in deteriorated wear
resistance. Li et al. [5] adopted the progressive solution treatment method to perform heat
treatment on high-manganese steel. The results showed that, compared with those pro-
duced by the traditional solution treatment method, the number of precipitates produced
by the progressive solid solution decreased, the tensile strength and impact toughness of
the steel significantly increased, and the wear resistance increased by nearly 23%. Zhou
et al. [15] studied the influence of two novel heat-treatment processes on the enhancement
of yield strength and hardness by Ti-V-Nb alloying in high-manganese austenitic steel. The
results revealed that the yield strength and impact toughness of steel after the segmented
heat preservation process were obviously greater than those after the continuous heating
process. Gao et al. [18] compared the friction morphology under different temperatures and
reported that the microstructure was optimized after heat treatment and that the degree of
bonding between the two phases increased, thereby inhibiting the detachment of partic-
ulate matter and reducing the occurrence of abrasive particles. Although these previous
studies to improve the mechanical properties and wear resistance of high-manganese steels
provide insights into the effects of the solution temperature on the yield strength, tensile
strength, and wear resistance, the influence of the solution temperature was different for
different alloy systems of high-manganese steels.

In this study, the effects of solution temperatures on microstructure, mechanical prop-
erties and wear resistance of alloyed high-manganese steel were systematically investigated.
Moreover, this study provides a theoretical basis for optimizing the heat treatment process
parameters of high-manganese steel and new ideas for improving the performance of new
high-manganese austenite steel.

2. Experimental Materials and Procedures
2.1. Experimental Materials

The alloy composition of existing high-manganese steel was optimized, and a new type
of Fe-25Mn-0.37C-3.69Cr high-manganese steel was designed and prototyped, which was
melted by a vacuum high-frequency induction furnace. The smelting steps are as follows:
charging — vacuuming — filling with argon — smelting — heat preservation for 30 min
— after complete melting — stirring — homogenizing at above 1200 °C for 2 h — pouring
— air cooling. The chemical compositions of the investigated high-manganese steel are
given in Table 1. The five test specimens with dimensions of 150 mm X 22 mm x 40 mm
were prepared via the wire cutting mechanism. Specimens were solution-treated at 900 °C,
950 °C, 1000 °C and 1050 °C for 0.5 h, respectively, and then water-quenched. Figure 1
shows the solution treatment diagram of high-manganese steel.

Table 1. Chemical compositions of the investigated high-manganese steels.

Elements

C Si Mn Cr Ni Cu Mo P S Al

Fe

Weight (wt%) 0.37 0.14 25.01 3.69 0.014 048 0.0079 0.007 0.0083 0.009

Balance
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1050 °C X 0.5 h

1000 °CX05h |
950 °C <0.5 h
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Figure 1. Solution treatment diagram of the high-manganese steel.

2.2. Mechanical Properties

The surface hardness of the steel before and after the friction test was tested via a
micro-Vickers hardness meter (HV-1000, Jinan Liling Testing Machine Co., Ltd., Jinan,
China). The Vickers hardness load was 9.8 N and a total of ten samples were tested. Each
sample was randomly selected to measure the hardness at 5 points, and the average value
was taken as the final hardness value. Tensile tests were carried out in accordance with
the GB/T 228.1-2021 standard [19] on an electronic universal testing machine (CMT-5205,
Shandong Shenglin Precision Machinery Equipment Co., Ltd., Jinan, China). The test
temperature was 23 °C, and the tensile speed was 2 mm/min. All tensile test samples were
cut along the same direction of the plate. To ensure the accuracy of the test results, each
group of tests was repeated at least 3 times, and the results were averaged.

2.3. Friction Wear Test

The friction wear test was carried out using a Bruker multifunction reciprocating
friction wear tester (UMT TriboLab, Bruker Corporation, Karlsruhe, Germany). A total
of five samples with dimensions of 20 mm x 20 mm x 4 mm were tested. The friction
pair selected for the test was a GCr15 steel ball with a diameter of 8 mm. Spherical contact
friction was used, the reciprocating movement distance was 10 mm, the frequency was
200 mm/min, the load was 20 N, and the test period was 30 min.

2.4. Microstructure Observation

A total of five steel samples were mechanically polished and then electro-polished in
a mixed solution of 10% perchloric acid (HCIO4) and 90% glacial acetic acid (CH;COOH).
The microstructures of high-manganese steel at various solution temperatures were ob-
served using a field emission scanning electron microscope (FE-SEM, ZEISS Sigma 560,
Oberkochen, Germany) equipped with an EBSD probe (Oxford Instruments, NordlysMax2,
Abingdon, UK). Phase identification was performed via X-ray diffraction (XRD, D8 AD-
VANCE, Bruker Corporation, Karlsruhe, Germany) with a Cu-K target. A total of five
samples were tested. The scanning rate and range of XRD analysis were 2 °/min and
20~100°, respectively. The microstructure of the wear marks was characterized by a field
emission scanning electron microscope (FE-SEM). The wear marks were analyzed by an
energy spectrometer (EDS). The sizes of the test samples are shown in Figure 2 (units: mm).
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Figure 2. (a) Sampling locations for mechanical testing and microstructural observation; (b—e) dimen-
sions of tensile samples, microstructural observation samples, surface hardness samples, and friction
wear test samples.

3. Results and Discussion
3.1. Effect of Solution Treatment on Microstructures of High-Manganese Steel

The XRD patterns of the initial microstructures of the samples at different solution
treatment temperatures are given in Figure 3 From the XRD results, only the characteristic
diffraction peaks of austenite appeared in the specimens under different solution treatment
temperatures. In addition, it was also found that the diffraction peak intensities of speci-
mens were different. This may be related to the preferred grain orientation and texture of
steels after solution treatment processes [15].
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~———1000 °C -
_ - —— 1050 °C o
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Figure 3. XRD patterns of the microstructures of high-manganese steel at various solution temperatures.

The microstructures of high-manganese steel at various solution temperatures are
given in Figure 4. When the solution treatment temperature increased, part of the car-
bides precipitated and then dissolved, and the average grain size of high-manganese steel
first decreased and then gradually increased, which was consistent with some research
findings [20,21]. As shown in Figure 4a, some carbides remained in the original form at
the grain boundary of the untreated steel, and the austenite grains were relatively coarse.
The average grain size was approximately 100.08 um. After 900 °C solution treatment
(Figure 4b), part of the recrystallization produced equiaxed grains accompanied by residual
carbides, and the average grain size was approximately 109.17 um. As can be seen from
Figure 4c, high-manganese steel undergoes optimal grain refinement at 950 °C, and the
average grain size is approximately 48.21 um. At this time, complete recrystallization
produces uniform grains and annealing twins. When the solution temperature continues to
rise to 1000 °C and 1050 °C, the carbides at the grain boundary dissolve into the matrix,
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and the austenite grain size increases significantly (Figure 4d,e). The average grain size is
approximately 115.35 pm and 242.81 um, respectively.

Figure 4. Microstructures of high-manganese steel at various solution temperatures: (a) untreated
steel, (b) 900 °C, (c) 950 °C, (d) 1000 °C, (e) 1050 °C.

3.2. Effects of Solution Treatment on the Mechanical Properties of High-Manganese Steel

The hardness test results before and after friction for the high-manganese steel at
different solution treatment temperatures are given in Figure 5a. Before the friction test,
it can be observed that the hardness of the original steel sample was 291.2 HV. With the
increase in the solution temperature, the hardness showed a tendency to fall. This result was
consistent with the results of Xu et al.’s study [22]. With a solution temperature of 900 °C,
carbides at the grain boundaries had not yet completely dissolved, which significantly
improved the surface hardness of the steel. When the solution temperature increased to
1050 °C, the carbides gradually dissolved completely [23,24], resulting in the hardness of
the steel sample decreasing with increasing heat treatment temperature. The steel after the
1050 °C solution treatment had the lowest hardness, approximately 251.3 HV, which can
be attributed to the dissolution of carbides [22]. High-manganese steel undergoes work
hardening to varying degrees after friction, resulting in a greater increase in hardness after
friction than before friction. In particular, with solution temperature at 950 °C, the surface
hardness is 271.1 HV to 364.2 HV, and the surface hardness of the steel is 34.3% greater
than that before friction.

Tensile test results are given in Figure 5b and Table 2. A comparison of the ten-
sile results revealed that the high-manganese steel after solution treatment had excellent
yield strength and tensile strength compared to the original steel. In addition, the high-
manganese steel after solution treatment further improved the elongation of the steel.
The high-manganese steel has a relatively high yield/tensile strength and elongation due
to the dissolution of inclusion precipitates at the grain boundaries [15]. After solution
treatment at 950 °C, the steel possesses good mechanical properties, exhibiting a good
combination of high yield strength (268 MPa), high tensile strength (574 MPa) and high
total elongation (88.0%). Figure 5c,d showed the engineering and true stress—strain curves
of high-manganese steels subjected to different solution treatment temperatures. All the
samples exhibited continuous yielding behavior. The true stress-strain curve of the steel af-
ter solution treatment at 950 °C showed that the steel possesses good mechanical properties,
exhibiting high true stress (1100 MPa) and large true strain (0.6).
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Figure 5. High-manganese steels subjected to different solution treatment temperatures: (a) surface
hardness of high-manganese steel before and after friction, (b) engineering stress—strain curve, (c) true
stress—strain curve, (d) tensile test results.

Table 2. Tensile test results under different heat treatment temperatures.

Materials  Yield Strength /MPa  Tensile Strength /MPa  Total Elongation /%

Untreated 244 £94 368 £ 11.2 46.0 £ 34
900 °C 276 £7.5 560 £+ 13.4 70.7 £4.0
950 °C 268 = 6.4 574 £ 12.0 88.0 £3.0
1000 °C 257 £3.1 520 £5.2 61.0+14
1050 °C 252 £5.7 488 £ 7.6 65.7 £ 2.6

Figure 6 shows the room temperature tensile specimen fracture morphologies of high-
manganese steels subjected to different solution treatment temperatures. As can be seen
from Figure 6a, the fracture surface exhibited typical ductile fracture characteristics. The
fracture surface of as-cast steel was covered with a large distribution of dimples, of varying
depths and significant size differences, indicating significant plastic deformation during
the stretching process [19]. The tensile fracture morphology of high-manganese steel after
solution treatment also involved typical ductile fractures. In Figure 6b,c, after solution
treatment at 900 °C and 950 °C, high-manganese steel had more small and deep dimples at
the fracture. However, compared with 900 °C solution treatment, the size of precipitates in
high-manganese steel with 950 °C solution treatment was smaller, and the dimples were
more evenly distributed. With an increase in solution treatment temperatures of up to
1000 °C and 1050 °C, there were more large and shallow dimples at the fracture, and the
dimples were not evenly distributed (Figure 6d,e). Some studies showed that the larger
size precipitates in high-manganese steel tend to become stress concentration points during
the tensile process, which accelerates the fracture of the specimen, resulting in a decrease
in tensile strength and elongation of steel [19,25,26]. This is consistent with the results of
tensile tests in this work.
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Figure 6. Room-temperature tensile fracture morphologies of high-manganese steels subjected to
different solution treatment temperatures: (a) untreated steel, (b) 900 °C, (c) 950 °C, (d) 1000 °C,
(e) 1050 °C.

Figure 7 provides the work hardening rate curves of high-manganese steels subjected
to different solution treatment temperatures. The work hardening rate is generally associ-
ated with grain size, dislocation density, and deformation in high-manganese steel [27-30].
As shown in Figure 7b—f, the work hardening rate of high-manganese steel involves five
stages (I, II, III, IV and V) [27,28]. The work hardening rate appears in stages II and III.
During stages II and III, deformation twins continue to form, resulting in continuous work
hardening. By comparing the work hardening rates at different stages, it is found that the
work hardening rates at 900 °C and 950 °C are slightly higher than those of high-manganese
steel at other solution treatment temperatures, indicating that the work hardening rate is
higher and is most sensitive to work hardening [31].
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Figure 7. (a) Work hardening rate curves of high-manganese steels subjected to different solution
treatment temperatures: (b) untreated, (c) 900 °C, (d) 950 °C, (e) 1000 °C, (f) 1050 °C.
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3.3. Effect of Solution Treatment on the Wear Characteristics of High-Manganese Steel

The change curves of the friction coefficient of high-manganese steel at different
solution temperatures with friction time are shown in Figure 8a. It can be seen that the
friction coefficient of the high-manganese steel gradually increased and finally stabilized
between 0.30 and 0.50. In general, adhesive wear happens when two friction surfaces slide
or rub against each other under pressure, causing them to stick together and then tear apart;
fatigue wear is a type of wear generated due to the repeated application of cyclic loads
on a material [32]. At first, many particles fall off the surface due to adhesion wear, and
adhesion wear gradually becomes abrasive contact wear. Moreover, due to fatigue wear,
the friction contact surface forms local protrusions, leading to an increase in the roughness
of the friction surface, so the friction coefficient fluctuates within a certain range [33].
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Figure 8. Different solution treatment temperatures: (a) friction coefficient curves and (b) maximum
and mean friction coefficient.

Figure 8b shows the changes in the average and maximum friction coefficients with
the increase in solution treatment temperature. With the increase in solution temperature,
the maximum friction coefficient and the average friction coefficient first decrease and then
increase. When the solution temperature was 950 °C, the mean friction coefficient reached a
minimum value of 0.273. To explore the reason for the decrease in the friction coefficient at
950 °C, EDS energy spectrum analysis was performed on the wear surface, and the results
are shown in Figure 9. The energy spectrum revealed that the oxidation reaction occurred
during the friction process in places with deep wear marks. Owing to the combined action
of friction and friction heat, each element undergoes an oxidation reaction on the friction
surface, forming an oxide layer [34], increasing the surface hardness, and oxidizing the
high-manganese steel, so the average friction coefficient decreases.

Figure 9. Wear surface morphology at 950 °C: (a) SEM micrograph and (b) EDS spectrum.
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3.4. Effect of Solution Treatment on the Wear Mechanism of High-Manganese Steel

Figure 10 presents the wear surface of high-manganese steel subjected to different
solution temperatures. It can be seen from Figure 10a that there was more wear debris and
larger adhesive metals on the surface of the original steel wear marks, which reflects obvious
abrasive wear characteristics. As shown in Figure 10b, when the solution temperature
was 900 °C, the amount of surface wear debris was obviously lower, but pitting, spalling
layer, and a small number of furrows remained, indicating that the wear mechanism of this
high-manganese steel is mainly abrasive wear. Figure 10c shows that when the solution
temperature was 950 °C, the wear surface was smoother, and small amounts of pitting, wear
debris, and adhesion metals were present and evenly distributed. The wear mechanism
is currently a combination of fatigue wear and adhesion wear [32,35]. When the solution
temperature increased to 1000 °C, the shallow furrows and a small number of adhesion
metals appeared (Figure 10d), so the wear mechanism was based on adhesive wear. When
the solution temperature increased up to 1050 °C, as shown in Figure 10e, more furrows
and larger adhesive metals appeared on the surface of the wear marks, the furrows were
deeper, and the wear surface was rough, indicating that the degree of particle wear was
very high.

Figure 10. SEM micrographs of wear marks under different solution treatment temperatures: (a) un-
treated steel, (b) 900 °C, (c) 950 °C, (d) 1000 °C, (e) 1050 °C.

Wear resistance is typically associated with the hardness of materials. In addition,
wear resistance is also closely related to the work hardening behavior [36-38]. The wear
rates of the original steel and high-manganese steel at different solution temperatures are
shown in Figure 11. As can be seen from Figure 11, there is a large difference between
the wear rate of the original steel and the high-manganese steel at different solution
temperatures, which was attributed to the work hardening effect. The surface hardness
of high-manganese steel decreases after solution temperature at 950 °C, but the surface
work hardening effect is improved in the friction test, the hardness is greater, and the wear
resistance is excellent. The wear rate reached a minimum (0.202 x 10~3 m?/N) when the
solution temperature was 900 °C, which was consistent with the wear scar morphology
results. Studies have shown that if the wear rate is faster than the strain hardening rate, a
sample will deteriorate rapidly. The wear resistance of materials is closely related to the
strength and hardening ability of the matrix [39]. The hardness of the high-manganese
steel at a solution treatment temperature of 1000 °C and 1050 °C continued to decrease;
although surface work hardening occurred during the friction process, the work hardening
rate was lower than that at the solution treatment temperature of 900 °C and 950 °C, so the
wear resistance was constantly reduced.
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Figure 11. Wear rate under different solution treatment temperatures.

4. Conclusions

(1) With the increase in solution treatment temperature, part of the carbides pre-
cipitated and then dissolved, and the average grain size of high-manganese steel first
decreased and then gradually increased. After solution treatment, the surface hardness
of high-manganese steel gradually decreased. Compared with before friction, the surface
hardness of high-manganese steel greatly increased after friction, especially after 950 °C
solution temperature, and the surface hardness of the steel reached 364.2 HV, an increase of
34.3%. This is because high-manganese steel undergoes varying degrees of work hardening
after friction. By comparing the work hardening rate of high-manganese steel, the work
hardening rate is slightly higher at solution temperatures of 900 °C and 950 °C, and the
hardness after friction is relatively higher.

(2) All the samples exhibited continuous yielding behavior. A comparison of the
tensile results revealed that the high-manganese steel after solution treatment had excellent
yield strength, tensile strength and elongation compared to the original steel. After solution
temperature at 950 °C, the steel possesses good mechanical properties and wear resistance,
exhibiting a good combination of high yield strength (268 MPa), high tensile strength
(574 MPa) and optimal wear resistance.

(3) The friction mechanism of steel without solution treatment is mainly abrasive
wear. When the solution temperature is 900-1000 °C, there is less wear debris and fewer
peeling pits and grooves on the worn surface of the high-manganese steel, and the wear
mechanism is mainly combined with fatigue wear and adhesive wear. When the solution
temperature rises to 1050 °C, the worn surface becomes rougher, plowing grooves become
more pronounced, particle wear becomes severe, and the wear resistance of the steel
is reduced.
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Abstract: The HP40NDb alloy, commonly used in the petrochemical industry as a heat-
resistant material, undergoes significant microstructural changes at high temperatures.
This study examined samples from the HP40Nb radiant tube used in a reformer furnace,
exposed to 950, 1050, and 1150 °C for 2 and 8 h. Metallographic analysis, including optical
microscopy, SEM, EDS, and XRPD, revealed that the as-cast alloy has an austenitic dendritic
matrix with primary eutectic-like carbides (M,3C¢ and MC types). Prolonged exposure to
high temperatures transformed the primary carbides into coarse M,3Cq forms, losing their
lamellar shape. The number of secondary carbides decreased with increasing temperature,
and at 1150 °C for 480 min, secondary Crp3Cg carbides nearly decomposed, and Nb carbides
dissolved into the austenitic matrix.

Keywords: cast heat-resistant alloy; microstructure; carbide; precipitates

1. Introduction

Centrifugally cast heat-resistant alloys of the HP (ASTM A297/ASTM A297-21a [1])
series are used for applications in the manufacture of high-temperature components in
petrochemical systems, such as steam reformer tubes, radiation tubes, and ethylene cracking
furnace tubes [2-5]. An HP alloy series, well known for its ASTM designation—where
“H” signifies heat resistance and “P” denotes its nickel content—is primarily composed of
Fe-25Cr-35Ni-0.4C (by weight) and is widely used in petrochemical furnace applications.
Thanks to the unique mechanical properties under service at high temperatures, these
alloys have good resistance to corrosion, high oxidation, carburization, and good creep
resistance [6-10]. The reformer furnace tubes made of the HP40 (ASTM A608 [11]) alloy
are designed for a nominal life of up to 100,000 h. However, the lifespan of these materials
is influenced by various mechanisms, including creep, carburization, oxidation, thermal
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shock, and accidental overheating that occur due to the combined effects of the high service
temperatures, mechanical loads, and the duration of service [12,13].

In recent years, there has been growing interest in the application of the centrifugally
cast HP40NDb alloy, which has been developed by adding a small amount of niobium to
the HP40 alloy [14]. It should be mentioned that the addition of niobium to the HP alloy
hinders the precipitation of chromium carbides and improves its mechanical properties,
increasing creep strength and creep ductility, as well as carburization resistance [12].

In the as-cast state, the microstructure of HP40NDb alloys features an austenitic matrix
interspersed with intergranular and inter-dendritic eutectic-like primary Cr-rich carbides
of the M»3Cg type and Nb-rich carbides of the MC type. The microstructure of centrifugally
cast HP40 reformer tubes is significantly affected by high-temperature service, leading to
creep damage and the accumulation of microcracks [15]. This damage is often characterized
by the presence of carbides at grain boundaries [16], coarsening of the grain boundaries
due to carbide precipitation, and degradation of the mechanical properties [17,18]. These
studies collectively underscore the importance of microstructural characterization in un-
derstanding the behavior of centrifugally cast steel furnace tubes, particularly in response
to short or long high-temperature exposure. Thus, the formation of different carbide mor-
phologies during processing and the expected structures in HP40Nb alloys during aging
heat treatment can be understood through a combination of metallography, X-ray diffrac-
tion, and electron beam backscattered diffraction techniques [19]. Skindaras et al. [20]
further explored the microstructure and mechanical properties of cast alloys with high
chromium and nickel content after long-term high-temperature exposure, highlighting
the emergence of carbides and other precipitates. The morphology and structure of the
carbides in high-alloy steels, including HP40NDb alloys, are influenced by the aging time
and secondary carbide precipitation [21]. Specifically, the eutectic carbide morphology
in HP alloys changes to more complex shapes with longer aging times, and the presence
of secondary carbides can lead to the coalescence of eutectic carbides [22]. The aging of
HP40ND alloys at 1000 °C under air results in the replacement of M;C3 carbides with M»3Cg
carbides, and the formation of a sub-surface zone depleted in chromium [23]. The inter-
dendritic niobium-titanium-rich carbides in HP-NbTi alloys can have blocky or nodular
morphologies [24]. The transformation of M;C3 to M»3Cg and subsequent secondary car-
bide precipitation in austenitic matrices is a complex process influenced by various factors.
The stability of the M»3Cg phase is crucial, with its dissolution affecting the kinetics of the
ferrite-to-austenite transformation [25]. The formation of My3Cg from MyCj is influenced
by temperature and time, with the former being a key factor in the transformation [26]. The
presence of niobium and titanium in austenitic stainless steels can further complicate the
process, with the formation of Z phase and the stability of the MX phase being important
considerations [27]. The transformation of M;C3 to Mp3Cg and the subsequent secondary
carbide precipitation are thus influenced by a range of factors, including temperature, time,
and the presence of other elements in the steel.

The microstructural development of HP40 alloy micro-alloyed with Nb after over-
heating at a high-temperature hold is, as stated before, a complex process influenced by
various factors. These studies collectively suggest that the microstructural development
of an HP40 alloy with Nb is a dynamic process and further research is needed to fully
understand its behavior after short-term overheating. Moreover, findings that the content
of inter-dendritic carbides is a key factor in its creep performance add to the importance of
a better understanding of short-term exposure [23].

Thermal instability results in accelerated microstructural aging, which unequivocally
contributes to the premature and unexpected failure of tubes due to bending or cracking [28].
It is essential to recognize that there is a significant gap in our understanding of the fitness
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for service of tubes that endure a temperature surge without displaying any cracking or
visible damage. To ensure the safe and reliable operation of tube materials throughout their
lifespan, it is essential to thoroughly verify their mechanical and metallurgical properties.
This careful examination acts as a safeguard, confirming that the materials possess the
necessary strength and durability to withstand the demands of their application [29].
The evolution processes of carbides and other intermetallic compounds during creep
exposure result in a reduction in ductility. This diminished ductility may lead to cracking
due to thermal stresses occurring during shut-down and start-up operations, as well as
during welding repairs [30]. Enhancing the material’s performance significantly extends
their lifespan, thereby reducing both capital costs and environmental impact for each
unit of H, produced [31].

Therefore, the aim of this study was to explore the effect of short-term overheating
temperatures on the microstructure and creep behavior of an HP40Nb alloy. This was
achieved by discussing the microstructural evolution of HP40NDb alloys during aging, with
a focus on the formation of different carbides and transition zones.

The combination of presented techniques has provided new insight into how different
carbide types and morphologies form during overheating, and further highlighted the
significance of microstructure control and monitoring in utilization of the reformer tubes in
extreme conditions.

2. Materials and Methods
2.1. Material

The material investigated in this study was machined out of the centrifugally cast
HP40ND alloy radiant tube used in process of ethylene cracking [2,3]. The chemical
composition of the tube material consists of 0.44% C, 1.11% Mn, 1.81% Si, 34.04% Ni,
26.99% Cr, and 0.63% Nb (mass %). The exact locations where the sections were cut on
the reformer columns used for ethylene cracking in the respective industrial plant are not
known precisely. Specimens for metallographic and mechanical tests were cut from a tube
segment 350 mm long, with an outer diameter of 76.2 mm, an inner diameter of 63.5 mm,
and a wall thickness of 6.35 mm, using a saw with minimal heating.

The specimens were short-term exposed at high temperatures of 950, 1050, and 1150 °C
for 2 and 8 h in an electric furnace under an air atmosphere and subsequently cooled in air.
The temperature was controlled by the thermocouple Pt-Pt13%Rh placed just above the
samples. At least five samples were tested for each heat treatment condition.

Microstructural observations were performed on the tube samples before and after heat
treatment. The morphology and chemical composition of various phases and precipitates
were observed and characterized by means of metallography techniques: light microscopy
(LM) and scanning electron microscopy (SEM) with secondary (SE) and backscattered
electron (BSE) imaging, energy-dispersive X-ray spectroscopy (EDS), and X-ray powder
diffraction (XRPD). Metallographic specimens were prepared following standard tech-
niques, including grinding with SiC papers ranging from 180 to 2400 grit; polishing using
diamond suspensions with particle sizes of 6, 3, 1, and 1/4 um; and etching with a solution
composed of 15 mL HCl, 10 mL glycerol, and 5 mL HNO3.

2.2. Methods

The chemical composition of the service reformer tube was analyzed through the
standard analytical spectrometry method, using the Type I Spark 8860 Optical Energy
Spectrometer (OES) (Thermo Scientific, Waltham, MA, USA).

Metallographic specimens were prepared by the standard metallographic preparation
technique: grinding (with SiC papers, grit size from 180 to 2400), polishing (diamond
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suspensions with 6, 3,1, and 1/4 pm particle size), and etching with a solution of 15 mL
HCI, 10 mL glycerol, and 5 mL HNO3 [3].

The microstructure was examined using light microscopy (LM) on an Orthoplan
microscope (Leitz, Oberkochen, Germany) and on a scanning electron microscope (JSM
6460 LV, JEOL, Tokyo, Japan) operating at 20 kV, and working primarily in back-scatter
electron (BSE) and secondary electron (SE) imaging modes. The observed phases were
analyzed using an energy dispersive X-ray analyzer system (EDS) INCA (Oxford Instru-
ments, Abingdon, UK) in conjunction with a scanning electron microscope. It is widely
recognized that EDS offers semi-quantitative chemical data and may overestimate carbon
(C) content at low concentrations. However, when the carbon content in the alloy is higher,
like in the case of point analysis of carbides, the margin of error is smaller. Furthermore,
the size (width/depth) of carbides is larger than the interaction volume, which is around
1-2 microns for standard EDS, thus reducing any significant artefacts of the background
dissolved elements. Consequently, EDS results were carefully analyzed in this study
and were further supplemented by XRPD analysis to provide a more comprehensive and
accurate characterization.

The Vickers hardness HV10 (ISO 6507 [32]) was determined with a test load of 98.07 N
(10 kg) and a dwell time of 15 s. The testing machine was an HPO 250 (WPM, Markkleeberg,
Germany). During these tests, seven measurements were taken, and the highest and lowest
values were excluded to achieve a more accurate estimate of the true average.

The X-ray phase analysis (X-ray powder diffraction—XRPD) was performed on pow-
dered samples with the help of a Smartlab powder diffractometer (Rigaku, Tokyo, Japan).
Radiation from the copper anticathode CuK;, was used. The operating voltage on the
tube was U = 40 kV, and the current was I = 30 mA. The electrolytic method of anodic
extraction, successfully tested in the extraction of carbides and intermetallic phases from
the matrix of different superalloys [33], was applied in this case. The electrolyte was a
mixture of 94 vol% ethanol and 6 vol% HCI. The current during dissolution was 120
mA (the current density was about 0.2 A/cm?) between the sample and titanium wire,
which was also submerged in the electrolyte and served as a cathode. The sample of
parallelepiped dimensions 15 x 12.5 x 6.35 mm, previously polished, was embedded in a
bath of the appropriate solution and constituted the anode.

The collected fine powder after extraction was examined via Bragg—-Brentano geometry
(incident parallel slit, Soller slit 2.5°; incident slit, 0.5°; length limiting slit, 10 mm; receiving
Slit #1, 20 mm; filter, CuKpg; receiving parallel slit, Soller slit 2.5%; receiving Slit #2, 20 mm;
detector, D/teX Ultra 250 in XRF reduction mode) and in a transparent sample holder
under the following experimental conditions: a range of diffraction angles of 5-130° 20
with a step of 0.01° and a recording speed of 6° /minute. Diffraction data were processed
using the software package PDXL2 (version 2.8.30, Rigaku, Tokyo, Japan). The positions of
the diffraction maxima (26), as well as the corresponding intensities (counts), are shown
graphically. On the basis of the obtained values, by comparing them with literature data
and powder diffraction file (PDF) standards, the present (only) crystalline phases whose
content in the sample was greater than approximately 1% were identified.

3. Results
3.1. As-Cast Microstructure

The microstructure of the as-cast alloy has a dendrite morphology with an austenitic
matrix and a network of skeleton-shaped eutectic primary carbides located at the grain
boundaries and between dendrites (Figure 1a). At higher magnification, according to the
BSE intensity contrast, the presence of two types of second-phase particles of different
morphology may be seen at the grain boundaries (Figure 1b). As can be seen in Figure 1b,
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one is a niobium-rich phase (white phase) having laminar-type (or skeleton form) features,
whereas the other is a chromium-rich phase (dark gray phase) having fine particle-like
features [18].

LS 20pm ! Electron Image 1

Figure 1. Microstructure of the HP40NDb alloy as cast. (a) SEM (BSE) microscopy at low magnification
(500x); (b) SEM-EDS (BSE) image at high magnification (2000x).

Figure 2 shows an SEM (BSE) micrograph of the HP40ND alloy in the as-cast condition.
As seen in Figure 2, the microstructure consists of an austenitic matrix and a network of
primary carbides with two types present: MC carbides (M = Nb, Ti), mainly NbC in white,
and M;C; carbides (M = Cr, Ni, Fe) in dark gray.

f 20pm 1 Electron Image 1

Figure 2. SEM-EDS (BSE) image of phases present in the as-cast HP40ND alloy:.

The chemical composition of the phases present in the HP40NDb alloy, as observed in
Figure 2, is shown in Table 1.

Table 1. Chemical composition of the phases present in the HP40NDb alloy, corresponding to Figure 2.

Spectrum C Si Ti Cr Mn Fe Ni Nb
Spectrum 1 37.04 54.19 7.05 1.73
Spectrum 2 43.00 0.98 0.60 10.09 9.47 8.45 2741
Spectrum 3 43.60 3.84 5.62 3.45 2.71 40.78
Spectrum 4 17.04 252 44.41 1940 16.64
Spectrum 5 1468 299 22.29 097 3075  28.32

All results are in atomic%.

Two distinct phases were identified: a niobium-rich phase, corresponding to the
bright particles in Figure 2 (Spectra 2 and 3), and a chromium-rich phase, corresponding
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to the dark particles (Spectra 1 and 4). Furthermore, it has been noted that the two
varieties of carbides exhibit different morphological characteristics. Carbides in the inter-
dendritic boundaries appear as lamellar or skeleton forms. The M;C; types show the
morphological characteristics of a eutectic composite, while the MC types have a more
regular morphology [33]. The niobium-rich carbides are more stable at high temperatures
compared with the secondary chromium carbides [14].

3.2. XRPD Analysis

In the as-cast tube sample, the following two major crystal phases are identified: y-Fe,
whose diffraction pattern corresponds to the standard PDF # 01-081-8770, and Cry3Cs,
whose diffraction pattern corresponds to the standard PDF # 03-065-3132. However, two
minor crystal phases in the amount of a few percent could be noticed: Cr;Cs, whose
diffraction pattern corresponds to the standard PDF # 01-071-3789, and Nb3Ni,Si, whose
diffraction pattern corresponds to the standard PDF # 01-072-2171 (PDF-2 Release 2016
RDB), Figure 3. The results of the submitted chemical analysis indicate the possibility
of multiple atomic replacements in the abovementioned crystal structures. The stated
formulas of the crystal phases should be considered as approximate chemical formulas,
i.e., Mp3Cq instead of Crp3Cy, where M = Cr, Fe, Ni, Nb. This is in agreement with the
unit cell parameters being significantly different from the standard values for y-Fe and
CI‘23C6 (Table 2).
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Figure 3. The X-ray powder pattern of the as-cast sample is shown in red. In the lower part
of the graphic, vertical lines show the positions and intensities of the standard reflections of the
abovementioned crystal phases (taken from the PDF database) and the numbers of the corresponding
cards. In the first row, the positions and intensities of y-Fe reflections are shown in blue; in the second
row, the positions and intensities of Mp3Cq reflections are shown in pink.

Table 2. Unit cell parameters of significantly present crystalline phases in the as-cast sample.

Phase/Unit Cell Fe v-Fe MoC Cry3Cs
Parameter Y PDF # 01-081-8770 236 PDF # 03-065-3132
a(A) 3.58597(4) 3.5950 10.72747(15) 10.659

In the 950 °C/2 h sample, the following crystalline phases were identified: Crig 9ares.07Cs,
whose diffraction pattern corresponds to the PDF standard #01-078-1501; NbC, corresponding
to the PDF standard #01-074-1222; Cr,Oj3, corresponding to the PDF standard #01-073-4336;
and Nb3Cr4Sis, corresponding to the PDF standard #01-089-2262 (PDF-2 Release 2016 RDB),

as shown in Figure 4.
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Figure 4. The XRPD pattern of the 950 °C/2 h sample is shown in red. In the lower part of the graphic,
vertical lines show the positions and intensities of the standard reflections of the abovementioned
crystal phases (taken from the PDF database) and the numbers of the corresponding cards.

The results of the chemical analysis provided indicate the possibility of multiple atomic
substitutions within these crystalline structures. The formulas given for the crystalline
phases should be considered approximate chemical formulas; for example, M»3Cg instead
of Cry3Cg for the carbide phase. This is in agreement with the unit cell parameters being
significantly different from the standard values for NbC and M3Cg (Table 3).

Table 3. Unit cell parameters of significantly present crystalline phases in the 950 °C/2 h sample.

Phase/Unit Cell
Parameter NbC M3Ce
a (A) 4.4062(1) 10.62020(1)

Figure 5 displays the XRPD pattern obtained from the reformer tube sample after
being overheated at 950 °C for 8 h. In the reformer tube sample, the following crystal
phases are identified: Crig 93Fes g7Cq, whose diffraction pattern corresponds to the standard
PDF#, and 01-078-1501 NbC, whose diffraction pattern corresponds to the standard PDF#
01-074-1222 (PDE-2 Release 2016 RDB) (Figure 5). The results of the submitted chemical
analysis indicate the possibility of multiple atomic replacements in the abovementioned
crystal structures.
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Figure 5. The XRPD pattern of the 950 °C/8 h sample is shown in orange. In the lower part
of the graphic, vertical lines show the positions and intensities of the standard reflections of the
abovementioned crystal phases (taken from the PDF database) and the numbers of the corresponding
cards. In the first row, the positions and intensities of Cryg 93Fey ¢7Cg reflections are shown in blue; in
the second row, the positions and intensities of NbC reflections are shown in pink.
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The given formulas of crystalline phases should be considered as approximate chemi-

cal formulas; for example, for the carbide M»3C¢ instead of Cry3Cs.

The unit cell parameters a (A) of the notable crystalline phases present in the investi-

gated 950 °C/8 h samples are displayed in Table 4.

Figure 6 shows the XRPD pattern of the reformer tube sample after overheating at

1050 °C for 2 h. The identified crystal phases include CrjggsFe 407Cq, with a diffraction
pattern matching the standard PDF#01-078-1501, and Nbyg ¢Ti; 1Cy, corresponding to the
standard PDF#03-065-7915.
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Figure 6. The X-ray powder pattern of the 1050 °C/2 h sample is shown in red. In the lower part
of the graphic, vertical lines show the positions and intensities of the standard reflections of the

abovementioned crystal phases (taken from the PDF database) and the numbers of the corresponding
cards. In the first row, the positions and intensities of Crig93Fey g7C¢ reflections are shown in blue; in
the second row, the positions and intensities of Nbg ¢Ti; 1 C; reflections are shown in pink.

The results of the submitted chemical analysis indicate the possibility of multiple

atomic replacements in the abovementioned crystal structures.

Figure 7 presents the XRPD pattern of the reformer tube sample after overheating at
1050 °C for 8 h. The identified crystal phases in the sample include Crig 93Fey 0;C¢, with a
diffraction pattern matching the standard PDF#01-078-1501, and Nbyg ¢Ti; 1Cy, correspond-
ing to the standard PDF#03-065-7915.
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Figure 7. The X-ray powder diffraction pattern of the sample heat-treated at 1050 °C for 8 h is shown
in red. Standard reflection positions and intensities for the identified crystalline phases, obtained
from the PDF database, are indicated by vertical lines in the lower part of the figure along with their
corresponding card numbers. Reflections for Cr;g 93Fe4 07Cg are displayed in blue (top row), while
those for Nbg ¢Tij 1C; are shown in pink (bottom row).
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Table 4. Unit cell parameters of significantly present crystalline phases in the 950 °C/8 h sample.

Phase/Unit Cell Parameter M,3Ce
a(A) 10.618440(5)

The submitted chemical analysis results indicate the possibility of multiple atomic
replacements in the abovementioned crystal structures.

Figure 7 presents the XRPD pattern of the reformer tube sample after overheating at
1050 °C for 8 h. The identified crystal phases in the sample include Crig 93Fey ;C¢, with a
diffraction pattern matching the standard PDF#01-078-1501, and Nby ¢Ti; 1Cy, correspond-
ing to the standard PDF#03-065-7915.

The X-ray powder patterns of extracted powder of samples of the HP40NDb alloy after
aging at 1150 °C for 2 and 8 h are shown in Figures 8 and 9, respectively.
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Figure 8. The X-ray powder pattern of the 1150 °C/2 h sample is shown in red. In the lower part
of the graphic, vertical lines show the positions and intensities of the standard reflections of the
abovementioned crystal phases (taken from the PDF database) and the numbers of the corresponding
cards. In the first row, the positions and intensities of Cryg 93Fe4 ¢7Cg reflections are shown in blue; in
the second row, the positions and intensities of NbC reflections are shown in pink.

2000 Meas. data:0256 ——
1500

1000

Intensity (counts)

500

0

s N
Isovite, ferrian, syn, 01-078-1501

400)
420
440)
©o9y,
622)
660)
751)
©44)

Niobocarbide, syn, 01-074-1222

(111)
(200)

) E
%4 2)%_

3
—
=
¥
>
3
9
——
 d
b

— (311)
(222)

60 80 100
2-theta (deg)

Figure 9. The X-ray powder pattern of the 1150 °C/8 h sample is shown in blue. In the lower part
of the graphic, vertical lines show the positions and intensities of the standard reflections of the
abovementioned crystal phases (taken from the PDF database) and the numbers of the corresponding
cards. In the first row, the positions and intensities of Cryg 93Fey ¢7Cg reflections are shown in blue; in
the second row, the positions and intensities of NbC reflections are shown in pink.
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In case of overheating for 2 h (1150 °C/2 h), the identified phases correspond to the
complex Crigg3Fey ¢7Cq carbide of the Mp3Ce-type (blue line) and to the NbC carbide (pink
line), while after exposure for 8 h (1150 °C/8 h), the same phases (Crig 93Fe4 7Cq and NbC)
were also identified.

3.3. Microstructure After 2 h of Overheating Treatment

Figure 10 presents representative optical micrographs (LM) illustrating the microstruc-
ture of the sample after being overheated at 950 °C, 1050 °C, and 1150 °C for 2 h.

Figure 10. Light micrographs of the HP40ND alloy after being overheated at (a,b) 950 °C, (c,d) 1050 °C
and (e, f) 1150 °C for 2 h.

As illustrated in Figure 10a,b, the microstructure has experienced considerable changes
following overheating at a temperature of 950 °C for 2 h. Its microstructure comprises an
austenitic dendritic matrix with a discontinuous network of skeletal-like primary carbides
along the grain boundaries and secondary precipitates within the grains. Many secondary
carbides were precipitated in the austenitic matrix near the primary carbides and the
inter-dendritic region.

Figure 11 illustrates that the microstructure experienced significant changes after
overheating at 950 °C, while Table 5 presents the EDS analysis results of the phases in the
sample treated at 950 °C for 2 h, as observed in the SEM micrograph in Figure 11.

104



Metals 2025, 15, 486

& 30um ' Electron Image 1

Figure 11. SEM micrograph of the HP40ND alloy after being overheated at 950 °C/2 h.

Table 5. Chemical composition of the phases present in the HP40NDb alloy, corresponding to Figure 11.

Spectrum C Si Ti Cr Mn Fe Ni Nb A"

Spectrum1 3096  2.04 1693 1.00 25.62 23.46
Spectrum2 3871 2.24 2075 086 1829 19.15
Spectrum 3 5854  1.08 13.85 074 1313 12.66
Spectrum4  61.09 3249 055 433 1.33
Spectrum5  79.87 045 315 1.24 1.22 13.82 0.26

All results in atomic%.

The microstructure consists of an austenitic matrix (Spectra 1, 2, and 3) and two types
of carbides: niobium-rich carbides (white phase, Spectrum 5) and chromium-rich carbides
(dark gray phase, Spectrum 4). On the basis of Figure 10a,b and Figure 11, as well as Table 5,
the dark carbides are identified as the M»3Cg type (M = Cr) and the light carbides as the
MC type (M = Nb), with traces of niobium—chromium-nickel silicide (Nb3Ni;Cr;,Sig) and
chromium oxide (Cr,O3) also present.

Figure 10c,d show the microstructure of the sample after overheating at 1050 °C for
2 h. The microstructure consists of an austenitic dendritic matrix and a discontinuous
network of primary skeletal-shaped carbides located along the dendrite boundaries. Table 6
provides the EDS analysis results of the phases in the sample treated at 1050 °C for 2 h, as
observed in the SEM micrograph in Figure 12.

Table 6. Chemical composition of the phases present in the HP40NDb alloy, corresponding to Figure 12.

Spectrum C Si Ti Cr Mn Fe Ni Nb v
Spectrum1l 1758 3.15 1930 111 2998 2871 0.16
Spectrum?2  25.06 240 2653 132 23.00 21.68
Spectrum3 1821 281 2322 125 2801 2651
Spectrum4  25.63 6091 123 863 325 0.36
Spectrum 5  56.24 048  6.02 175 261 3254 037

All results are in atomic%.

The microstructure consists of an austenitic matrix (Spec. 1) and two types of precipitates:
one rich in Nb (white phase, Spec. 6) and one rich in Cr (dark gray phase, Spec. 3, 4, and 5).

A large amount of secondary carbides has precipitated in the austenitic matrix
near the primary carbides and the zones around the dendrite boundaries. According
to Figures 10c,d, and 12 and Table 6, it can be observed that the primary chromium car-
bides completely transformed from M7;Cj3 to M»3Cy. Secondary carbides are detected
within the austenitic matrix near the primary carbides. It is important to note that a small
quantity of acicular carbides Mp3Cg (M = Cr, Ni, Fe) was formed in the austenite matrix.
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Additionally, the amount of precipitated secondary carbides increased with the increase in
the superheating temperatures up to 1050 °C.

U 30pm ! Electron Image 1

Figure 12. SEM micrograph of the HP40ND alloy after being overheated at 1050 °C/2 h.

Figure 10e,f show the microstructure of the sample after overheating at 1150 °C for 2 h.
Following this thermal treatment, the quantity of secondary carbides in the austenitic matrix
and around the primary carbides was significantly reduced. The microstructure consists
of an austenitic dendritic matrix and a discontinuous network of primary skeletal-shaped
carbides located along the dendrite boundaries. The primary carbides have coagulated and
merged. A significant amount of fine secondary carbides is present in the austenitic matrix
near the primary carbides, while carbide-free zones have appeared in the inter-dendritic
regions. Although the quantity of secondary carbides has decreased, their coarsening is
evident [34]. Table 7 provides the EDS analysis results of the phases in the sample treated at
1150 °C for 2 h, as observed in the SEM micrograph in Figure 13. As a result of overheating
at 1150 °C for 2 h, globular secondary carbides have formed in the inter-dendritic zones.
On the basis of Figures 12 and 13, it can be concluded that increasing the temperature from
1050 °C to 1150 °C did not affect the type of carbides present in the microstructure.

Table 7. Chemical composition of the phases present in the HP40ND alloy, corresponding to Figure 13.

Spectrum C Si Ti Cr Mn Fe Ni Nb \%
Spectrum 1 18.18  3.24 19.63 127 2948 2820

Spectrum 2 34.04 4788  0.99 1095  6.13

Spectrum 3 33.77 47.95 1.06 11.29 5.92

Spectrum 4 69.05 1.77 2.9 2.54 2.41 2112 0.21
Spectrum 5 6.65 9.83 417 318 7533  0.58
Spectrum 6 15.89 224 30.73 1.23 26.11  23.80

All results are in atomic%.

Lt 30pm 1 Electron Image 1

Figure 13. SEM micrograph of the HP40ND alloy after being overheated at 1150 °C/2 h.
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3.4. Microstructure After 8 h of Overheating Treatment

Figure 14a—c illustrate the microstructure of the material obtained after overheating at
950 °C, 1050 °C, and 1150 °C for 8 h.
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Figure 14. SEM micrographs of the HP40NDb alloy after being overheated at (a) 950 °C (SE), (b) 1050 °C
(BSE) and (c) 1150 °C (BSE) for 8 h.

Figure 14a shows the microstructure of the HP40NDb alloy after overheating at 950 °C
for 8 h. The microstructure consists of an austenitic dendritic matrix and a discontinuous
network of primary skeletal-shaped carbides located along the dendrite boundaries. A
large amount of secondary carbides has precipitated within the dendrites.

Figure 14b shows the microstructure of the HP40NDb alloy after overheating at 1050 °C
for 8 h. A large amount of fine secondary carbides has precipitated near the primary
carbides located along the dendrite boundaries. Compared with the as-cast microstructure,
a finer grain structure is observed, with carbides dissolved along the austenitic grain
boundaries. Unlike the as-cast structure on the boundary of primary austenitic grains, a
large number of tiny carbides are present, which may be the result of the dissolution of
massive carbides on the boundary and carbide islands inside the grain, as indicated in
some data in the literature [4,34].

Figure 14c shows the microstructure of the HP40ND alloy after overheating at 1150 °C
for 8 h. A small amount of secondary carbides can be observed in the austenitic matrix. For
samples overheated for 8 h, the increase in overheating temperature led to the dissolution
of secondary carbides in the inter-dendritic region, followed by the dissolution of carbides
near the primary carbides along the dendrite boundaries. On the basis of Figures 15-17, it
can be observed that the primary chromium carbides (M7C3) transformed into Mp3Ce-type
carbides [35—41]. Secondary carbides were detected within the austenitic matrix near the
primary carbides (Figure 15).
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. 30pum ' Electron Image 1

Figure 15. SEM-EDS (BSE) micrograph of the HP40ND alloy after being overheated at 950 °C/8 h.

f 20pm 1 Electron Image 1

Figure 16. SEM-EDS (BSE) micrograph of the HP40NDb alloy after being overheated at 1050 °C/8 h.

L) 20pm ' Electron Image 1

Figure 17. SEM-EDS (BSE) micrograph of the HP40NDb alloy after being overheated at 1150 °C/8 h.

It should be noted that the amount of My3Cg-type secondary carbides (M = Cr)
formed in the austenitic matrix increased with the increase in overheating temperature
to 1050 °C [42], followed by a decrease in the amount of secondary carbides. Secondary
carbides precipitate in the austenitic matrix up to a temperature of 1050 °C [19], after which,
they undergo partial dissolution (near the primary carbides) or complete dissolution within
the dendrites. This change can be observed in detail in SEM Figures 15-17 and in the
corresponding EDS Tables 8-10, respectively.

108



Metals 2025, 15, 486

Table 8. Chemical composition of the phases present in the HP40ND alloy, corresponding to Figure 15.

Spectrum C Si Ti Cr Mn Fe Ni Nb \"
Spectrum1  20.07 2.60 21.62 097 2831 2645
Spectrum?2 5095 1.28 1741 0.63 1581 13.92
Spectrum 3 35.14 5244 098 786 331
Spectrum4  35.60 2.60 19.28 090 20.88 20.74
Spectrum5 6532 195 029 2.5 111 496 2365 024
Spectrum6 3742 441 015 1989 079 1465 1835 413 0.21

All results are in atomic%.

Table 9. Chemical composition of the phases present in the HP40ND alloy, corresponding to Figure 16.

Spectrum C Si Ti Cr Mn Fe Ni Nb \"
Spectrum 1 19.38 3.24 1877 122 29.12 28.28
Spectrum?2  33.71 2.33 1745 1.02 23.15 22.35
Spectrum 3 36.62 0.27 4577 095 988 6.31
Spectrum4 6505 034 025 510 029 515 456 19.02
Spectrum 5  45.79 2597  5.96 0.4 272 220 1617 078
Spectrum6 4656 058 1864 9.07 034 806 693 927 0.56

All results are in atomic%.

Table 10. Chemical composition of the phases present in the HP40NDb alloy, corresponding to Figure 17.

Spectrum C Si Ti Cr Mn Fe Ni Nb A"
Spectrum1 2147 2.81 1869 111 2813 27.79
Spectrum?2 3143 228 2046 094 2291 2198
Spectrum 3 36.64 48.06 090 976  4.63
Spectrum4  70.21 231  2.65 1.58  1.26 0.26
Spectrum5  54.73 1644  3.67 1.09 093 2251 0.63

All results are in atomic%.

Table 8 provides the EDS analysis results of the phases in the sample treated at 950 °C
for 8 h, as observed in the SEM micrograph in Figure 15.

The chemical composition (at%) of the phases present in the HP40NDb alloy after being
overheated at 1050 °C for 8 h, as observed in Figure 16, is given in Table 9.

Table 10 provides the EDX analysis results of the sample treated at 1150 °C for 8 h, as
observed in the SEM micrograph in Figure 17.

Table 11 presents the alloy hardness test results, including the average hardness for
each trial. The hardness measurements of the specimens, following overheating treatment
at 950, 1050, and 1150 °C, reveal an increase in hardness compared with the initially
received specimen. The hardness of the as-received alloy was 215 HV10. The hardness
value reached its maximum of 232 HV10 after 8 h at a temperature of 1050 °C. Extending
the overheating time from 2 h to 8 h at 1150 °C resulted in an increase in hardness from 207
to 232 HV10.
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Table 11. The hardness values of the alloy HP40ND in its initial state and after overheating at 950,
1050, and 1150 °C for 2 and 8 h, respectively.

Heat Temperature, °C Hold Time, Hardness HV10 Average Stalea.rd
Hours 1 2 3 4 5 Deviation

As-cast ] 28 199 222 230 197 215 16

2 210 205 206 206 206 207 2

950 8 224 224 230 226 228 226 3

2 207 203 198 206 206 204 4

1050 8 213 235 235 240 238 232 1

2 204 208 208 209 208 207 2

1150 8 233 230 230 233 232 232 2

The hardness results are consistent with those reported by other authors [18].
Additionally, Table 11 indicates that the highest hardness values were recorded in
specimens subjected to overheating for 8 h.

4. Discussion

The microstructure of the as-received alloy consists of primary carbide networks dis-
persed within an austenitic matrix, as presented in Figure 1. The dendritic morphology is
indicative of a typical cast microstructure. Notably, no secondary carbide formation was
observed, as shown in Figure 2. SEM analysis further revealed that the primary carbide
networks can be distinguished into two distinct phases, which exhibit dark and bright con-
trast. As illustrated in Figure 1, the Cr-rich phases identified in the microstructure primarily
correspond to My3Cy and M7Cj3 carbides, while the Nb-rich precipitate is characterized
as NbC carbide. According to previous investigations [35,43,44], niobium preferentially
reacts with carbon during solidification at elevated temperatures, leading to the formation
of NbC, with the Nb-to-C atomic ratio playing a crucial role in driving its precipitation. In
the present study, the relatively low Nb-to-C ratio (0.2) was insufficient to fully incorporate
all available free carbon into NbC [35]. As a result, the remaining carbon in the matrix was
preferentially bound by chromium, promoting the formation of Cr-rich carbides at lower
solidification temperatures. Due to the high cooling rate, the complete transformation of
M;C3 into M»3C¢ was inhibited.

The overheating temperature is an important factor that affects the morphology of
carbides. On one hand, irregularly shaped carbides at the grain boundaries hinder the
sliding of grain boundaries, while intragranular carbides prevent dislocation movement
on the other hand. The precipitation of secondary carbides leads to a reduction in the
carbon atom content in the matrix and decreases the effect of solid solution strengthening.
During carbide precipitation, the ability of carbides to block dislocation slips is reduced.
The morphology of carbides is an important factor influencing the creep properties of the
HP40ND alloy [42,45,46].

In comparison with the microstructure in its initial state, the microstructure of the
HP40ND alloy after overheating at 950 °C for 2 h (Figure 10b) exhibits a markedly higher
concentration of carbide in the austenitic region adjacent to the secondary carbide and
within the austenitic matrix in the inter-dendritic region. Primary carbides with lamellar
and plate-like morphologies are observed along the dendrites, forming discontinuous
chains. Additionally, a significant amount of finely precipitated secondary carbides is
visible within the austenitic matrix and near the boundaries of the dendrites. On the basis
of the XRPD pattern presented in Figure 4, the Cr-rich carbide is identified as an M3 Ce-type
carbide, whereas the Nb-rich phase is classified as an NbC phase.

At an overheating temperature of 1050 °C, in addition to secondary carbides, a quantity
of needle-like M»3Cq type carbides (where M = Cr, Ni, Fe) was formed within the austenite
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matrix. The amount of secondary carbides increased as the overheating temperature rose
to 1050 °C.

The results of the microstructure analysis of the HP40NDb alloy after overheating at
1050 °C for 2 h are consistent with the findings of Sourmail [27], Fuyang et al. [41], and the
work of Martin C. H. Tse [31]. Fuyang et al. [41] also observed the transformation of M;Cs-
type carbides into M3C¢ due to the exposure of the HP40ND alloy to temperatures ranging
from 700 to 990 °C for 1 to 6000 h. This transformation is driven by the thermodynamic
instability of M7Cj5 at elevated temperatures, resulting in its dissolution and the subsequent
precipitation of the more stable M3C¢ phase. Furthermore, Tse’s research [31] offers
valuable insights into the metallurgical advancements in reformer tube alloys, which further
enhance the understanding of carbides” evolution under high-temperature conditions.

Liu et al. [17] analyzed the changes in the microstructure and mechanical properties of
the HP40ND alloy during aging at 900 °C from 0 to 2016 h and observed the transformation
of M7C3-type carbides into My3Cg-type carbides.

Almeida et al. [42] studied the influence of niobium content on the microstructural
changes in the HP40NDb alloy after aging at 700, 900, and 1100 °C for 1000 h and also ob-
served the transformation of M;Cs-type carbides into M3Cs-type carbides. Wang et al. [35]
investigated the effect of overheating the HP40NDb alloy at temperatures ranging from
900 to 1250 °C for 100 h on its microstructure and observed the transformation of M;Cs-
type carbides into My3Ce-type carbides.

Zones without secondary carbides appeared in the inter-dendritic space (Figure 10c,d).
Near the primary carbides are many finely dispersed secondary carbides in the austenitic matrix.

The quantity of secondary carbides diminished, but their coarsening is evident [34].
Overheating at a temperature of 1150 °C for 2 h resulted in the formation of globular-shaped
secondary carbides that separated the regions between the dendrites.

Fuyang et al. [41] also observed the dissolution of secondary carbides with increasing
overheating temperature while studying the microstructural changes in the HP series
of alloys containing 0.6% C, 1.34% Nb, and Mo during aging at temperatures between
750 and 950 °C across intervals of 1 to 1800 h.

Liu [4] stated that the carbide shape present in the microstructure of the tested material
is highly sensitive to the overheating temperature. The overheating of the alloy accelerates
the dissolution of smaller carbide particles and the enlargement of larger ones through
coagulation, accompanied by morphological changes in carbides that ultimately result in
material failure. Coagulation requires a difference in the particle size of the carbide phase,
resulting in the solid austenite solution becoming undersaturated and affecting smaller
particles under these conditions.

As a result, the smaller particles dissolve, while carbon atoms and alloying elements
are transferred via diffusion and incorporated on the surface of the larger particles.

According to the XRPD pattern of the phases present, it can be concluded that the
phases present in the original material are the Cr-rich carbide M;C3 and the Nb carbide
NbC; after overheating, the phases present in the material are Cr-rich carbide M3;Cg and
the Nb-rich carbide NbC. The difference between the Cr-rich phase in the original material
and the superheated material is that the furnace tube is manufactured using a centrifugal
casting process. The cooling rate of the original material is relatively fast during the
manufacturing process. The metastable M;C;3 carbide that crystallizes first does not have
time to be converted into M3Cg carbide. After overheating, the metastable M;C3 carbide
becomes stable. The state M7C3 carbide is completely transformed into the stable M3C¢
carbide [35]. The phase type, grain size, and degree of dispersion of secondary carbides in
the microstructure affect the mechanical properties of the material [20].
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The difference between samples in the content of intragranular carbide and the degree
of grain boundary carbide coarsening increases with longer superheating times.

After exposure for 8 h at 1050 °C (high temperature), secondary chromium carbides
precipitate inside the grains (Figure 14b). The appearance of needles (carbides), indicating
carbides (dark gray) with gray edges, white carbides, and small gray carbides at the
base, can be noticed in Figure 14c. Fewer secondary carbides are present, and these have
solidified. The change in the carbide contents can be attributed to the dynamic equilibrium
between the dissolution and growth of carbides and the carbon diffusion.

As the temperature rises to 1150 °C for 8 h, the content of secondary carbides decreases
due to carbide dissolution. The appearance of carbide needles becomes noticeable; dark
gray carbides with gray edges are evident. Small, tiny white carbides are found at the base
(as seen in Figure 14c).

Liu and Chen [17] also reported that the content of inter-dendritic carbides increases
with longer aging times at a constant temperature of 900 °C.

Extending the overheating time to 8 h at 1150 °C (Figure 14c) results in a reduction
in the quantity of secondary carbides and the formation of carbide-free zones within the
microstructure. The results indicate that with a prolonged soaking time, chromium carbide
decomposes, and the carbon combines with niobium, leading to an increase in niobium-rich
carbides. These findings are consistent with the study by Wang et al. [4], which found that
the carbide content decreased at a temperature of 1250 °C.

According to the microstructure results of the HP40ND alloy samples after all over-
heating treatments (Figures 10 and 14) and the hardness measurement results (Table 11),
it can be concluded that the presence of a large number of secondary carbides in the
austenitic matrix contributes to the increased hardness of the alloy, as observed by other
authors [39,41].

Lanz et al. [39] investigated the effect of overheating temperatures ranging from
750 to 950 °C over various time intervals (1-1800 h) on a modified HP alloy containing
0.6% S and 1.34% Nb. They observed an increase in the alloy’s hardness after aging due
to the precipitation of needle-like secondary carbides. However, as the aging time and
temperature increased, the coarsening of these carbides led to a reduction in hardness.
Picasso et al. [33] studied a nickel-based alloy subjected to aging treatments at temperatures
between 750 and 900 °C for durations of 1000-4000 h. Their research indicated an increase
in hardness values due to aging compared with the as-cast state. However, when the aging
time exceeded 500 h, the hardness value began to decline.

The maximum hardness observed in the sample treated at 1150 °C for 8 h is attributed
to the dissolution of secondary chromium carbides and the diffusion of carbon into the
austenitic matrix.

5. Conclusions

The microstructural evolution of the HP40 alloy alloyed with Nb following short-
term overheating was investigated. The main conclusions are based on the experimental
results observed.

The as-cast microstructure of the HP40NDb alloy consists of an austenitic dendritic
matrix strengthened by a network of primary eutectic-like carbides rich in chromium and
niobium of the M»3Cy and MC types, respectively.

Microstructural analysis of the HP40 alloy micro-alloyed with Nb after short-term
overheating at 950 °C for 2 h revealed a significant presence of secondary carbides in the
austenite matrix and near the primary carbides.

Exposure to a temperature of 1050 °C for 2 h resulted in a significant quantity of
secondary carbides being dispersed and distributed within the austenitic matrix and
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agglomerated along the grain boundaries. When the overheating time reached 8 h at a
temperature of 1050 °C, a finer grain structure was observed, with carbides dissolved along
the austenitic grain boundaries.

Increasing the temperature of overheating from 950 °C to 1150 °C resulted in a reduc-
tion in secondary carbides within the structure. Additionally, this increase in temperature
altered the morphology of the primary carbides, causing them to adopt a spherical shape.

At a higher overheating temperature of 1150 °C, soaking for 2 h yielded a significantly
reduced quantity of the secondary carbides within the austenitic matrix and in the sur-
roundings of the primary carbides. Extending the overheating time to 8 h further decreased
the number of secondary carbides.

The increase in hardness values is due to the high content of secondary carbides in the
austenitic matrix. This increase is also influenced by the dissolution of secondary carbides
and the diffusion of carbon within the austenitic structure.

The microstructure studied via the given combination of techniques has provided new
insight into how different carbide types and morphologies form during overheating and
further highlighted the significance of microstructure control and monitoring in utilization
of reformer tubes in extreme conditions.

In general, this research is beneficial, as it provides insights into how short-term high-
temperature exposure affects HP40NDb alloys, particularly under real operating conditions.
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Abstract: Paint-free bodywork has become an attractive alternative for rail vehicles, in the direction
of easy maintainability and low manufacturing costs. However, conventional resistance spot welding
inevitably leaves indentation marks to detrimentally reduce the optical homogeneity of the paint-
free bodywork. In light of this, indentation-free resistance spot welding is proposed for joining
SUS301L stainless steel sheets in order to achieve superior surficial integrity. A tiny SUS301L steel
ball with a diameter of 1.5 mm was chosen as the intermediate filler between two steel sheets to
avoid the formation of surficial indentation. The influence of welding current and welding time
on the mechanical properties of joints was studied. The optimal parameters of the mechanical
properties were obtained when the welding current was 8.0 kA, the welding time was 150 ms, the
electrode pressure was 0.35 MPa, and the electrodes were cylindrical planar electrodes, which was
determined by comparing the tensile shear test results. The surficial indentation depth was less than
1% of the plate thickness, and no observable indentations were seen on the surface of the optimized
welding spots.

Keywords: stainless steel; resistance spot welding; indentation-free welding; mechanical properties

1. Introduction

Paint-free bodywork offers advantages, such as environmental protection, easy main-
tainability, and low manufacturing costs, making it an appealing alternative for rail ve-
hicles [1]. SUS301L is currently the most commonly used material for rail vehicles and
automobile bodies due to its attractive appearance, paint-free properties, anti-corrosion
capabilities, and lightweight nature [2,3]. One of the significant technical challenges in
achieving paint-free bodywork is indentation at the weld joints [4].

Resistance spot welding is extensively utilized in the welding of steel sheet structures
for automobiles and rail vehicles because of its brief welding duration, uncomplicated
process, and high level of automation [5-7]. More than 90% of assembly work in a car body
is completed by resistance spot welding at present [8-10], and there are 2000 to 5000 spots
made by resistance spot welding on each car in rail vehicles [11,12]. While ensuring the
safety and reliability of joints, it is particularly important to study the surface quality of the
spot-welded joints of paint-free stainless steel rail vehicles [13-15]. An obvious indentation
will always be left on the surface of the thin sheet due to the technical characteristics
of resistance spot welding, which not only affects the aesthetics of the body but also
reduces the corrosion resistance of the joints [16,17]. The realization of indentation-free
resistance spot welding of SUS301L stainless steel is of great significance for the production
of paint-free rail vehicles.
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The welding current, welding time, and electrode pressure are three key process
parameters that affect the joint quality of the resistance spot welding process [18-20].
Sreehari et al. [21] found, concerning the indentation levels, that welding time has a lesser
influence when compared to welding current and electrode force. Gong et al. [22] found
that increasing compressive residual stress can improve the brittle fracture resistance and
corrosion resistance of metal materials. Han et al. [23] explored the effect of the indentation
on the sizing of the spot weld nugget. The results show that the existence of an indentation
may result in under-sizing of the nugget. Pouranvari et al. [24] studied the mechanical
performance of dissimilar resistance spot welding between DP600 and AISI 1008 low-
carbon steels, concluding that increases in welding current and welding time result in
increases in electrode indentation depth. Rajesh et al. [25] used the Taguchi approach to
optimize the control parameters of the dual pulse resistance welding of 2 mm ASTM A240
stainless steel sheets. The findings indicate that the magnitude of the second pulse current
is the most important component that influences indentation in dual pulse resistance spot
welding. Qi et al. [26] designed a magnetically assisted resistance spot welding (MA-RSW)
device for unilateral surface indentation of the traditional stainless steel RSW joint. The
welding penetration rate was reduced by using single-sided MA-RSW at the permanent
rate, thus the thermal influence on the base metal surface was reduced, and the surface
indentation depth was reduced by more than 45% compared with the traditional process.
Xia et al. [27] designed a robotic servo gun and an accompanying displacement monitoring
system. Joint quality can be measured online and the welding parameters can be adjusted
through this system to reduce the impact of surface indentation. These studies show the
factors and control methods that affect the indentation of resistance spot welding, but they
cannot achieve complete indentation-free spot welding.

In this paper, we propose a novel indentation-free resistance spot welding process.
A tiny steel ball was chosen as the intermediate filler to avoid the formation of surficial
indentation. The surface indentation, nugget morphology, microstructure, and macroscopic
mechanical properties of the joint were investigated in detail.

2. Materials and Methods

Respectively, 0.6-mm-thick and 1.5-mm-thick SUS301L stainless steel sheets (Hebei
Jingche Railway Vehicle Equipment Co., Ltd., Baoding, China) were used as upper sheets
and lower sheets. The thin sheets were more easily deformed and released stress, so they
were used to reduce the deformation of thick sheets. The intermediate filler was a SUS301L
stainless steel ball with a diameter of 1.5 mm. The composition and mechanical properties
of SUS301L are listed in Tables 1 and 2. Both the upper and lower electrodes used in
spot welding are cylindrical planar electrodes with a diameter of 20 mm. Electrodes were
connected to a water-cooling device for rapid cooling.

Table 1. Composition of SUS301L stainless steel (wt.%).

Element C Si N Mn P S Ni Cr Fe
Mass 0.02 0.50 0.10 1.0 003 0006 7.00 1700  Bal
fraction

Table 2. Mechanical properties of SUS301L stainless steel.

Material Ultimate Tensile Strength (MPa)  Yield Strength (MPa) Elongation (%)
SUS301L 930 685 20

A resistance spot welding process for thin and thick plates was developed to reduce
surface indentation. The process flow is illustrated in Figure 1. A tiny steel ball was initially
welded onto the thin plate using a small welding current, welding time, and electrode
pressure, followed by welding between the two sheets. Choosing the right size ball was
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important for the welding process. The large diameter of the ball caused a large gap
between the two plates, resulting in low joint strength. The steel ball with a very small
diameter melted instantly and was not able to work. In this study, we chose steel balls with
a diameter of 1.5 mm.

g 9
™

Figure 1. Process of indentation-free resistance spot welding.

Figure 2 shows the principle of the indentation-free resistance spot welding process.
This method achieved low current density (J) at the surface of the base metal in contact with
the electrode, while concentrating current at the middle layer of the steel ball. According
to Ampere’s law and resistance law, the resistance heat generated by current is related to
resistivity (p), cross-sectional area (S), current density, and time (t). The calculation formula
for resistance heat generated by current flowing through a conductor per unit thickness is
as follows:

Q= pJ>St

pa—y B

J

Figure 2. Principle of indentation-free resistance spot welding.

Large-diameter electrodes were used to increase the contact area between the electrode
and the steel plate. The position of the steel ball has a much smaller cross-sectional area
than other sites. A high current density in the middle layer of the steel ball generated
significant resistance heat, causing the steel ball to melt and form a spot welding nugget.
The resistance heat generated by low current density on the surface of the welded base
metal in contact with the electrode was minimal. The surface indentation, ablation, and
welding deformation were reduced in this way.

A copper electrode with a pit was utilized to position the ball during spot welding of
the ball and sheet. The welding current was set at 1.5 kA, with a welding time of 150 ms,
and an electrode pressure of 0.10 MPa.

Welding spatter was prone to occur due to the high current density at the steel ball
when welding two sheets. To solve this problem, a preheating input of 2 kA welding
current, 100 ms welding time, and electrode pressure of 0.35 MPa was applied before
welding two sheets. According to preliminary trials, the electrode pressure was set at
0.35 MPa. Welding current and welding time were selected for optimization. We set the
welding current at 7.0 kA, 7.5 kA, 8.0 kA, and 8.5 kA and the welding time at 120 ms,
150 ms, 180 ms, and 210 ms.

The metallographic and tensile shear test samples were prepared perpendicularly
to the cross-sections of the resistance spot-welding joints by electric wire cutting. The
metallographic samples were ground, polished, and etched with a mixture of hydroflu-
oric acid and nitric acid for 7 min. The cross-sectional morphology, microstructure, and
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surface indentation of each zone of the sample were observed using a VHX-1000E optical
microscope (Keyence, Osaka, Japan). A KC-X1000 laser confocal microscope (Kathmatic,
Nanjing, China) was used to obtain the contour of the joint surface, and a straight line on
the indentation was selected to measure the indentation contour.

The tensile shear sample size is 50 mm X 15 mm, as shown in Figure 3. The tensile
shear test was carried out on an electronic universal material test machine at ambient
temperature with a tensile speed of 2 mm/min. The specimens were grasped with shims
that were equal in thickness to the sheets. The typical fracture was observed and analyzed
using a Zeiss Merlin Compact scanning electron microscope.
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Figure 3. Dimensions of tensile shear test specimens.

3. Results and Discussion

The macroscopic morphology of welding between a 1.5 mm diameter ball and a
0.6 mm thick steel sheet is shown in Figure 4. The steel ball was deformed under the action
of welding heat input and electrode pressure, but the outline remained circular. The pitted
part of the steel ball did not produce large resistance heat, so it retained the original shape,
and played a role in welding between the two sheets.

Figure 4. Appearance of 1.5 mm diameter steel ball welded onto 0.6 mm thick sheet.

The macroscopic morphology of several groups of indentation-free resistance spot
welding process joints is shown in Figure 5. The surface indentation of the joint was
minimal, and there were no ablation marks or color changes on the surface, resulting in a
regular circular shape. There was almost no deformation on the side surface of the thick
plate. Variations in welding parameters had little impact on the surface indentation and
tablation marks of the joint within a certain range. This phenomenon was attributed to
the larger contact area between the planar electrode and the thick plate side compared to
that between the steel ball and steel plate, leading to relatively low current density and
heat input on the thick surface of the plate. As a result, the surface indentation, welding
deformation, and ablation marks were small. Changes in welding parameters did not
greatly affect the surface morphology of spot-welded joints.
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Figure 5. Surface morphology of spot-welded joints: (a) 7.0 kA, 150 ms, 0.35 MPa, (b) 7.5 kA, 150 ms,
0.35 MPa, (c) 8.0 kA, 150 ms, 0.35 MPa and (d) 8.0 kA, 180 ms, 0.35 MPa.

Figure 6 shows the nugget geometry of the indentation-free resistance spot-welding
joint under different welding parameters, as observed through an optical microscope. The
nugget shape of the joint showed a basin shape with a wide upper and narrow lower,
which is because the resistance heat generated by the intermediate filler under the action
of current constraint was larger than that on the thick plate side. However, because the
intermediate filler was also affected by the current density, the welding parameters will
greatly impact the spot-welding nugget. In this study, the penetration rate is expressed as
the percentage of the thickness of the nugget on the side of the thick plate in proportion to
the thickness of the thick plate. The nugget diameter increased from 4.80 mm at 7.5 kA to
5.18 mm at 8.0 kA as the welding current increased, and the penetration rate also increased
from 47% to 58%. Welding spatter occurred when the welding current was increased to
8.5 kA. The nugget diameter was 4.07 mm and the penetration rate was 57% at this time,
which is smaller than that at 8.0 kA, and the nugget size at the joint interface and the sheet
side was also small. This is because the welding spatter caused the heat at the joint interface
to be lost as the liquid metal flew away, further leading to insufficient heat input and poor
fusion at the joint interface. It is necessary to avoid poor fusion and spatter to ensure
the load-bearing capacity of the spot-welded joint. The effect of welding time on nugget
morphology is similar to that of welding current. The nugget diameter and penetration
rate increased from 4.53 mm and 56% at 120 ms to 5.18 mm and 58% at 150 ms with the
increase in welding time.

Welding Current , kKA

7.5 8 8.5
150 _
D,=480 mm | D,=1.23 mm | D,=518 mm | D,=1.52 mm | D,=4.07 mm | D, =1.50 mm
Welding
Time, ms
120
Dy=4.53 mm | D,=1.47 mm

Figure 6. Nugget morphologies of resistance spot weld joint.

Figure 7 shows the microstructure of the resistance spot weld joints (8.0 kA, 120 ms,
0.35 MPa). Typical zones of the joint were the nugget zone and the heat-affected zone.
The width of the heat-affected zone was small and was mainly composed of the coarse
austenite grains formed by recrystallization, due to the rapid cooling effect of the water in
the electrode [28]. This area was considered the weak point of the joint. The nugget zone
consisted of columnar austenite grains growing from the thin plate and thick plate to the
nugget center, because the temperature gradually decreased from the nugget to both sides.
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However, the molten steel ball was extruded towards both sides of the nugget to form an
extrusion zone, as shown in Figure 8c. This zone was also classified as a heat-affected zone.
Two different forms of the joint were found at the joint interface between the nugget and the
thin plate (shown by the yellow line in Figure 7), corresponding to Figure 8a,b, respectively.

Figure 7. Microstructure of resistance spot-welding joint: (a) sampling position of Figure 8a, (b) sam-
pling position of Figure 8b, and (c) sampling position of Figure 8c.
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Figure 8. Interfaces of the welded joints: (a) no obvious interface, (b) distinct interface with cracks,
and (c) interface with extruded steel ball.

Figure 8a shows the transition form of the normal resistance spot-welding joint from
the nugget zone to the heat-affected zone. This transition is characterized by a shift from
columnar crystals to coarse equiaxed austenite grains, with no obvious joint interface. As
shown in Figure 8b, the area with an obvious joint interface was located in the middle
of the nugget, at the position of the pre-welded steel ball of the thin plate. There was an
obvious joint interface in this area, which accounted for about one-third of the diameter
of the nugget, which seriously affected the mechanical properties of spot-welded joints.
The area can be considered as incomplete fusion at the joint interface. According to the
location and joint of the zone shown in Figure 8b, the formation of this zone was related to
the process of pre-welding steel balls for the sheet. A small welding current and welding

steel ball. In the process of base metal welding, the contact resistance between the steel
ball and the thick plate generated a large amount of resistance heat at the joint of the steel
ball and the thick plate, causing this area to form a good fusion. However, the contact
resistance between the steel ball and the thin plate disappeared in the step of welding two
sheets. This resulted in insufficient heat input at the position, causing the original joint
state to remain unchanged and leading to poor fusion in the interface area. The fracture
position of the joint was located at the joint interface between the thin plate and the nugget
in the subsequent fracture analysis, which agreed with the above analysis of the cause of
the poor fusion.
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A set of tests was designed to study the changing trend of the maximum tensile
shear of the joint with the welding current. The specific process parameters are shown
in Table 3. An increase in welding current led to the highest maximum tensile shear and
nugget diameter. However, welding spatter occurred at 8.5 kA, resulting in a decrease in
maximum tensile shear.

Table 3. Welding current and welding time test parameters.

Weldin . . The Highest Value of Welding Spatter
Samples Curren% Welding Time Tensilg Shear Force (Yesg/Ng)
1 7.0 kA 150 ms 6027 N N
2 7.5 kA 150 ms 6052 N N
3 8.0 kA 150 ms 6414 N N
4 8.5 kA 150 ms 5530 N Y
5 8.0 kA 120 ms 6403 N N
6 8.0 kA 180 ms 6489 N N
7 8.0 kA 210 ms 5810N Y

The variation trend in the maximum tensile shear of spot-welded joints was studied
under the condition that only the power on time was changed on this basis. The maximum
tensile shear force increased with the increase in welding time, but the increase was small.
The maximum tensile shear plummeted when the welding time was 210 ms due to the
welding spatter.

Figure 9a,b shows the maximum tensile shear force of specimens at various welding
currents and the load—displacement curve of the four groups of corresponding parameters.
Figure 9¢,d shows the variation trend in the maximum tensile shear force with welding time
and the load-displacement curves of the four groups of corresponding parameters. The
optimal parameters of the mechanical properties were obtained when the welding current
was 8.0 kA, the welding time was 150 ms and the electrode pressure was 0.35 MPa. To
predict the tensile shear force of resistance spot-welded thin steel sheets, Majlinger et al. [29]
recommended a formula based on the materials’ tensile strength and the sheet thickness:

TSF = —10.10 + 0.0088-R,,, + 15.80-t (kN)

In this formula, TSF is the predicted shear tensile strength of the optimized joints, R,
is the tensile strength of the steel in MPa and ¢ is the sheet thickness in mm. The maximum
tensile shear force obtained under the optimal parameters is predicted to be 7.564 kN
according to this formula. The experimental values were close to the predicted values.

We speculated that the optimal parameters obtained may be mainly influenced by the
size of the nugget. With the increase in welding current and welding time, the nugget size
increases, and the effective bonding area of the joint also increases. Excessive heat input led
to welding spatter and large welding residual stress when the welding current or welding
time was too large, and the mechanical properties decreased therefore [30,31].

Figure 10 shows the macro fracture morphology of samples 1-4. The macro fracture
interface shown in the figure was the fracture morphology of the thick plate side. The
fracture mode of the tensile shear specimen of samples 1, 2, and 4 was the interface
fracture mode. The fracture occurred at the position between the thin plate and the nugget
(incomplete fusion zone). For the tensile shear specimen of sample 3, the fracture mode
of the tension-shear specimen was button fracture mode. The fracture position was in the
heat-affected zone on the thin side, and the fracture interface did not pass through the
nugget but broke along the heat-affected zone on the sheet side. It is generally considered
that the button fracture mode of the joint is better than the interface fracture mode [32].
The extrusion zone of sample 3 (as shown in Figure 10c) and the thin plate side were first
separated and formed a smooth fracture interface, indicating that its strength was low.
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Figure 9. Tensile shear curve with different parameters: (a) tensile shear force curve with different
welding currents, (b) load-displacement curve, (c) tensile shear force curve with different welding
time, and (d) load—displacement curve.
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Figure 10. Fracture surface morphology of RSW joint: (a) 7.0 kA, 150 ms,0.35 MPa, (b) 7.5 kA, 150 ms,
0.35 MPa, (c) 8.0 kA, 150 ms, 0.35 MPa, and (d) 8.5 kA, 150 ms, 0.35 MPa.

The fracture interface morphology and fracture position of the spot-welded joint are
shown in Figure 11. The maximum tensile shear of the button fracture mode samples
was larger than that of the interface fracture mode samples. This was consistent with the
results of the maximum tensile shear curve shown in Figure 6. The reason was related to
the incomplete fusion at the joint of the thin plate and the nugget. The incomplete fusion
reduced the bonding strength at the joint interface of the nugget and the thin plate side, so
that the interface fracture mode occurred.

Figure 12a,b shows the surface indentation morphology of the RSW joint obtained
under the optimal parameters of mechanical properties (8.0 kA, 150 ms and 0.35 MPa). The
indentation was shallow and presented a regular circle. Figure 12c shows the indentation
contour of the red line segment in Figure 12b. The height difference between the indentation
on the joint surface and the base material was small. The maximum indentation height
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difference was about 25 um. The maximum indentation depth was about 1% of the plate
thickness for the thick plate side with a thickness of 1.5 mm. It can be considered that the
surface of the spot welding joint had no indentation under this set of parameters.

\

BRI

Figure 11. Fracture interface morphologies and fracture locations: (a) nugget morphology of the
joint, 8.0 kA, 180 ms, 0.35 MPa, (b) macroscopic fracture interface of interfacial fracture mode, 7.0 kA,
150 ms, 0.35 MPa, and (c) macroscopic fracture interface of button fracture mode, 8.0 kA, 150 ms,
0.35 MPa.

Thin plate  Thick plate |
side side |

0 2 4

6
Distance (mm)

Figure 12. Surface morphologies of the joint. (a) Macroscopic indentation on the side surface of the
thick plate, (b) the thick plate side indentation under an ultra-deep microscope, and (c) indentation
depth of the red line joint surface.
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4. Conclusions

This paper proposed a novel resistance spot welding process through the intermediate
layer of steel balls to confine the current and obtain an indentation-free surface on one
side of the spot-welding joint. The process changed the current density of different parts,
resulting in high current density at the nugget. The resistance heat is concentrated in the
intermediate filler. The surface of the plate had a small welding heat input, leading to
minimal deformation, indentation, and ablation marks. The highest value of tensile shear
force increased with increasing welding current or welding time. Welding spatter occurred
when the welding current or welding time was too large, which decreased the highest
value of tensile shear force. The microstructure of this joint was similar to that of traditional
resistance spot-welding joints. The maximum tensile shear force reached 6414 N when the
welding current was 8.0 kA, the welding time was 150 ms, and the electrode pressure was
0.35 MPa, by using cylindrical planar electrodes. The surface indentation depth of the joint
under this set of parameters was about 1% of the plate thickness at this time, and almost no
indentations could be achieved.
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Abstract: The development of free-cutting steel is inseparable from the development of environmen-
tally friendly alloy elements and the control of inclusions shape. Alloying elements can affect the
composition, morphology, size, and distribution of inclusion, which are the main factors affecting
the machinability of free-cutting steel. This study selected sulfur free-cutting steel with different
chemical compositions as the research object to examine the effects of bismuth and bismuth tellurium
on sulfur-containing free-cutting steel through electrolytic corrosion experiments, metallographic
microscopy, scanning electron microscopy, energy spectrum, and electron backscattering analyzer.
The results showed that the microstructures of free-cutting-steel containing sulfur, free-cutting steel
containing sulfur bismuth, and free-cutting steel containing sulfur bismuth tellurium are composed
of ferrite, pearlite, and inclusions. The inclusions in sulfur-containing free-cutting steel are chain,
cluster, and a few dotted MnS. The inclusions in sulfur-bismuth free-cutting steel are point and a few
dotted MnS. After the addition of Te, the number of dotted inclusions is reduced, while the number
of chain and cluster inclusions is increased. Most of the inclusions in bismuth-containing free-cutting
steel are flake inclusions, and the class II MnS change into class III MnS, which is beneficial for
improving the free-cutting property of steel and to reduce anisotropy. With the addition of Te, MnS
of other shapes, such as heart, water drop, butterfly, etc. of a length-width ratio of less than 4 also
appeared as MnS and MnTe complex inclusions, and the fusiform manganese sulfide accounted for
most of the steel. Both Bi and Te had modification effects on MnS.

Keywords: free-cutting steel; inclusion; 3D etching; bismuth; tellurium

1. Introduction

Free-cutting steel can reduce processing costs, improve tool life, and reduce cutting
force. It also has good economic benefits and contributes to rapid development by virtue
of its excellent cutting performance in instruments, precision instruments, automobile
daily necessities, and other industries in which it has been widely used. As such, its
demand is rising year by year [1,2]. Its types have gradually increased to more than a
dozen, among which the lead type of free-cutting steel is harmful to the environment.
While ROHS, ELV, and WEEE directives all clearly specify the use of lead, lead causes
harm to people’s health [3-5]. At present, the development trend of free-cutting steel is
“de-leading” [6]. Some researchers use low-sulfur free-cutting steel instead of lead-free
free-cutting steel [7]. As a new type of easy cutting steel element, Bi has a melting point
of only 271.5 °C and a boiling point of 1564 °C. It has stable chemical properties and is
similar to Pb in physical properties, but it is non-toxic and will not produce toxic steam.
It has soft properties and a lower density than Pb to reduce segregation in steel. They
have the same machinability, they are fine metal particle inclusions uniformly distributed
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around sulfide, and they are affordable [8,9]. Bi in steel can prevent MnS deformation
during the forging process [10]. The addition of Te makes MnS inclusions more resistant to
deformation and more spherical in the hot rolling process [11]. Adding Te can improve the
cutting performance of steel. Te and S cannot synthesize compounds, but the molten state
can be mutually soluble. Tellurium is a highly effective and anisotropic compound that can
be added to steel alone, or it can be combined with S, Se, and other free-cutting elements
to form complex inclusions in steel through the interaction of different elements [12].
Compound addition of appropriate amounts of different free-cutting elements is expected
to multiply the free-cutting properties of steel [13].

At present, the trends of free-cutting steel are as follows: improving the standard
number of free-cutting steel; improving the quality and accuracy of the original free-cutting
steel, increasing the quantity of free-cutting steel; optimizing the control technique of
inclusions; exploring new environmentally friendly free-cutting elements; and developing
new environmentally friendly free-cutting steels according to the principle of “multi-
element and small amount” through which multi-element composite free-cutting steel is
developed [14,15]. By changing the chemical composition of free-cutting steel by adding
one or more free-cutting elements, especially by controlling the quantity, shape, distribution,
size, and appearance of inclusions, the machinability of free-cutting steel can be improved,
which is of great significance to the research of free-cutting steel [16].

Steel mills such as Inland Steel of the United States, Aichi of Japan, and Posco of
South Korea have developed environmentally friendly free-cutting steel that uses bismuth
instead of lead. The inclusions in Japanese steel are mostly spindle-shaped and evenly
distributed. [17]. The reserves of Bi in China hold the first place in the world, and Bi can
be added to replace the Pb system’s free-cutting steel. Many Chinese steel mills, such as
Xingcheng Special Steel, Shigang Steel, Yongsteel, Qingsteel, Hangang Steel, Guigang Steel,
Shaosteel, and Angang Steel have conducted research on bismuth-containing free-cutting
steel and have made many achievements. However, so far, low-sulfur bismuth-containing
free-cutting steel has not been widely used for commercial purposes [18].

The machinability of free-cutting steel depends on the formation of sulfide inclusions
in the steel. During processing, sulfide inclusions induce stress concentration and facilitate
chip fracture. Non-metallic inclusions exist in steel in the form of second-phase particles,
which have a great influence on the mechanical properties and machinability of steel [19].
Inclusions in steel are unavoidable and change the mechanical properties and machinability
of steel. As a source of stress concentration, sulfide can reduce cutting force and form a
protective layer in the tool [20,21].

Manganese sulfide as a stress concentration source, cut off from the metal connection,
also plays the role of solid lubrication and wrapping hard points, so that the chip is easy to
break, prolonging tool life and reducing cutting cost [22,23]. MnS also plays an active role
in the nucleation and refinement of ferrite in grains, and the coating of harmful precipitates
on the surface of MnS can improve the cutting performance and strength of steel [24]. The
quality evaluation of inclusions includes the chemical composition, macroscopic and micro-
scopic structure, characteristics, and shape of inclusions [25]. To study manganese sulfide
inclusion, it is necessary to control the morphology, size, and distribution of manganese
sulfide inclusion so as to avoid the production of a large inclusion, which will seriously
harm the quality of steel. The best form of manganese sulfide is a small and evenly dis-
tributed spherical or fusiform inclusion. Manganese sulfide will affect the anisotropy of
steel, so it is necessary to study its aspect ratio (length/width). Sims CE classified the
two-dimensional morphology of manganese sulfide in steel into the following categories:
class I includes spherical, fusiform, and diffuse distribution in steel formed by monotectic
reaction and arbitrary distribution. The second type includes strip, rod, and fan, which
are generally dispersed near grain boundaries and formed by eutectic reactions. The third
group is distributed in a massive and irregular manner and is formed by pseudo-eutectic
reactions [26,27]. Studies have shown that class I and class III MnS in an as-cast state are
more conducive to improving cutting performance. Class Il MnS have a greater impact
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on the anisotropy of steel and are not conducive to cutting, so the generation of class II
MnS should be avoided [28]. When the MnS aspect ratio is less than three, it has better
easy cutting performance; when the MnS aspect ratio is more than four, the anisotropy of
the steel will also increase, and the chips will easily stick, reducing the surface machining
quality [29].

In this paper, Y08 steel was used as the base steel, and the effect of chemical compo-
sition on the microstructure and inclusions of the bismuth-containing easy cutting steel
was studied by adding the environmentally friendly elements bismuth and bismuth tel-
lurium compound as the chemical composition of the bismuth-containing easy cutting
steel. The inclusion was exposed through the corrosion of steel matrix. The inclusion with
three-dimensional morphology can be observed under the scanning electron microscope.
Compared with the common observation of two-dimensional inclusion, three-dimensional
inclusion is more three-dimensional and more intuitive, which greatly helps the analysis
of the morphology, distribution, and size of inclusion. The inclusions we expect to obtain
are fusiform inclusions with the aspect ratio of 1 < length/width < 3. The spherical and
fusiform inclusions can not only improve the cutting performance of the material, but
also weaken the influence on the mechanical properties of steel such as transverse impact
properties. They are not easy to deform during heat treatment and reduce the anisotropy.

In this paper, the distribution, size, morphology, and composition of the inclusions
were analyzed by metallographic microscope and scanning electron microscope combined
with 3D saprography technology, and the effect of bismuth and bismuth tellurium complex
on the inclusion of sulfur-containing free-cutting steel was studied.

2. Materials and Methods
2.1. Experimental Materials

Table 1 shows the main chemical compositions of three groups of free-cutting steels
with the addition of free-cutting elements S, Bi, and Te, among which 1# contains S without
Bi, 2# contains S and Bi, and 3# contains S, Bi, and Te. The first and second groups were
compared without bismuth, and the second and third groups were compared by adding
Te element to make multicomponent bismuth-containing free-cutting steel. The austenite
grain growth behavior of the free-cutting steel after adding Te element was studied.

Table 1. Chemical composition of 3 kinds of test steels (mass fraction, %).

No. C Si P S Mn Bi Te
Sample 1 0.058 0.060 0.950 0.173 0.948 - -
Sample 2 0.043 0.020 0.800 0.088 0.796 0.004 -
Sample 3 0.078 0.070 0.870 0.131 0.874 0.011 0.025

2.2. Chemical Composition Design

Based on the composition and properties of GB/T8731-2008 steel, YO8 steel was
selected as the master steel in this study, and the chemical composition was designed
by referring to other papers. At the same time, considering the need to replace other
machinable elements with bismuth, an environmentally friendly element, to improve its
machinable properties without affecting other mechanical properties, three groups of steel
were designed on this basis. The contents are shown in Table 2.
Table 2. Chemical composition design table of 3 groups of steel numbers, %.

No. C Si P S Mn Bi Te
Sample 1 0.06-0.08 0.05-0.15 <0.015 0.3-0.35 1.0-1.05 - -
Sample 2 0.06-0.08 0.05-0.15 <0.015 0.15-0.18 1.0-1.05 0.05 -
Sample 3 0.06-0.08 0.05-0.15 <0.015 0.25-0.35 1.0-1.05 0.05 0.05
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The first group: As the control group, according to the national standard Y08 and
considering the improvement of steel’s free-cutting performance, the sulfur content was
set at 0.3~0.35%. C can be a solid solution for strengthening and is an important element
to improve strength, reduce carbon content (which will increase debris nodular), hinder
tool wear, and improve the material’s easy cutting performance. As such, the design’s
carbon content was 0.06~0.08%. P can be solidly soluble in ferrite to improve the machining
surface finish; design P content was less than 0.015%.

The second group: On the basis of group 1, the contents of C, Si, Mn, and P remained
unchanged, and Bi was added. Due to the addition of Bi element, the content of S element
was reduced by 1/2 relative to the first group to create bismuth-containing sulfur.

The third group: On the basis of the second group, the contents of C, Si, Mn, P, and
Bi were unchanged, and the content of sulfur was also increased after the addition of Te
element. The design content was 0.25~0.35% to make the sulfur, bismuth, and tellurium
ternary complex.

The carbon, silicon, manganese, phosphorus, and sulfur contents of the three groups
of steels were the same. Steel 1# was designed according to the national standard Y08, and
the sulfur content was controlled within 0.3~0.35%, so that the machinability of the steel
could be improved under the condition of high sulfur and no bismuth. The microstructure
and inclusion state of steel 1# designed in this composition were compared with those of
the 2# and 3# steels containing other easily machinable steels. The effect of bismuth element
on the microstructure and inclusions of free-cutting steel was studied by comparing 2#
with 1#. The effect of bismuth—tellurium complex on the microstructure and inclusions
of bismuth-containing easy cutting steel was studied by adding the bismuth—tellurium
complex elements and selecting the appropriate sulfur content.

2.3. Metallographic Test

The three test steels needed to be ground, polished, and etched before being ex-
amined under a metallographic microscope. The test steel was machined into a size of
5mm x 10 mm X 20 mm, and the 10 mm x 20 mm surface of the test steel was polished.
The samples were polished successively on W28 sandpaper (320 mesh), W20 sandpaper
(500 mesh), W14 sandpaper (600 mesh), and W10 sandpaper (800 mesh) until the surface
scratches were all in the same direction. Then, the polishing machine was used to polish the
samples. After polishing, the surface was cleaned with an aqueous ethanol immediately,
any dirt was removed, and the surface was dried with a hair dryer. In order to observe
the tissue inside the sample, the surface of the sample was wiped and etched with cotton
dipped in 4% volume concentration of nitrate ethanol solution, the surface was rinsed
with an aqueous ethanol, and then the tissue was observed with an ultra-depth-of-field
microscope. An ultrasonic cleaning machine was used to clean the pattern and then it was
dried with a hair dryer. The microscope used in this study was a VHX-5000 metallographic
microscope.

2.4. 3D etching Technology

In order to better observe the morphology of inclusions, corrosion of steel matrix by
electrolytic etching technology to retain inclusions was conducive to visually seeing the
three-dimensional morphology of inclusions. Before electrolytic etching testing the steel, the
experimental steel was processed into 5 x 10 x 20 mm. The experimental conditions were
as follows: electrolyte (70% methanol, 20% acetyl acetone, and 10% tetramethylammonium
chloride), current (0.449 A), electrolytic time (1 h), electrolytic temperature (—1~10 °C), and
electrolytic pH (neutral or weakly acidic). Figure 1 shows the electrolytic power supply
and electrolytic reagent (methanol, acetyl acetone, and tetramethylammonium chloride)
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Figure 1. Electrolytic power supply (IT6702) and electrolytic reagent.

In these conditions, the electrolytic device, as shown in Figure 2, was used for the
electrolytic experiment. Electrolytic test equipment included: (1) water bath device,
(2) stainless steel, (3) protective cover, (4) thermometer, (5) test steel, (6) electrolyte, and
(7) power supply. The cathode was connected with the stainless steel and the anode was
connected with the experimental steel. Except for the electrolytic polishing surface, the
remaining surface of the test steel was wrapped in paraffin wax to prevent other surfaces
from being corroded. The polished electrolytic sample was wiped with alcohol and put
it into the electrolytic device. Attention was paid to the electrolytic surface facing the
stainless steel sheet. Then, the power supply was adjusted to the appropriate current
size, and the time and temperature were well-controlled to conduct the experiment. Af-
ter electrolytic corrosion of the test steel, it was necessary to clean it with anhydrous
ethanol, and the morphology of inclusions in the three samples was observed by scanning
electron microscopy.

4 L]
o o=
\‘_ TS S _\‘::_/_ _____________ J/ \ /
1-Water bath installation 5-Test steel
2-Stainless steel 6-Electrolyte
3-Closure door 7-Power source

4-Thermometer

Figure 2. Electrolysis plant.

3. Results and Discussion
3.1. Effect of Chemical Composition on Quantity and Distribution of Inclusions

The three groups of steels after forging under metallographic microscope are shown
in Figure 3, in which the inclusion is in the red frame, the ferrite is in the green frame,
and the pearlite is in the blue frame. Figure 3a shows the microstructure of 1#, which is
mainly composed of pearlite, ferrite, and inclusions. The pearlite is relatively large in size
and distributed in chain shape, while the inclusions in steel are distributed in chain shape,
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cluster shape, less spot shape, and in large quantity. Figure 3b shows the microstructure
of 2#, which is mainly composed of pearlite, ferrite, and inclusions. The pearlite is small
in size, and the amount is the highest of the three groups of steels. The inclusions are
dotted and less chained in the steel matrix. Figure 3c shows the microstructure of 3#, which
is mainly composed of pearlite, ferrite, and inclusions. The inclusions are distributed in
clusters, chains, and a few dots.

Figure 3. Metallographic pictures of 3 groups of steel: (a) 1#; (b) 2#; (c) 3#.

As can be seen from Figure 3, the inclusions in sulfur-type free-cutting steel are mainly
distributed in chain shape, the addition of Bi reduces the number of chain inclusions, the
number of dot inclusions increases, and the distribution of inclusions is uniform. After the
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compound addition of Bi and Te, the number of cluster inclusions increases, among which
the free-cutting steel (in which the environmental protection type of free-cutting element Bi
is added alone) has the best distribution.

According to the carbon content of the three groups of steels, the low temperature
microstructure is proeutectoid ferrite and pearlite. The ratio of ferrite to pearlite of the
three groups of steels can be calculated by using the lever theorem, and the formula is as

follows: 077 ©
. . — W(C o
Ferrite = m x 100% (1)
.. w(c)—0.0218 o
Pearllte — m X 100 /0 (2)

The proportion of ferrite and pearlite of 1# steel is 95.2% and 4.8% by calculation. The
proportion of ferrite and pearlite of 2# steel is 97.2% and 2.8%, respectively. Finally, 3# steel
has 92.5% ferrite and 7.5% pearlite. Again, green and blue are indeed proeutectoid ferrites
and pearlite, according to the proportions of colors in the figure.

3.2. Observation and Analysis of Inclusions by Scanning Electron Microscopy

Three groups of forged steel were observed by scanning electron microscopy. Among
them, Figure 4 is the SEM image of 1# under the field of view of 500 times. It is found
that the inclusions are spherical, fusiform, and individual rod-like, and the inclusions
are distributed in chain shape. Statistical analysis of inclusions in the image shows that
the total number of inclusions is 186, the maximum size is 8.63 um, the minimum size is
0.81 pm, and the average size is 2.60 pm, among which the number of inclusions is the
largest between 1.8~2.7 um, and the proportion is close to 40% of the total sample value.

Figure 4. Morphology and quantity distribution of No. 1 steel inclusions.

Figure 5 shows the SEM image of 2# under a field of view of 500 times. It is found
that the inclusions are spherical, fusiform, and rod-shaped, among which the shapes are
spherical and fusiform, accounting for nearly 40% of the total sample amount. Statistical
analysis of inclusions in the image shows that the number of inclusions is 59, the maximum
size is 18.84 um, the minimum size is 0.76 um, the average grain size is 4.43 um, and the
size is less than 1.9 um.
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Figure 5. Morphology and quantity distribution of No. 2 steel inclusions.

Figure 6 is the SEM image of 3# under a field of view of 500 times. Through observation
of the microscopic structure and inclusions of 3#, it is found that the inclusions have various
shapes, mainly spherical, spindle, and rod-shaped, among which the large inclusions have
a small number and are generally rod-shaped, while the inclusions are distributed in
chain shape. The statistical analysis of inclusions in the image shows that the number of
inclusions is 147, the maximum size is 13.56 pm, the minimum size is 0.63 um, and the
average grain size is 2.48 pm. When the size is between 1.4 and 2.8 um, the number of
samples is the maximum, which is close to 50% of the total sample size.

Figure 6. Morphology and quantity distribution of No. 3 steel inclusions.

3.3. Influence of Chemical Composition on the Morphology, Size, and Shape of Inclusions

Figure 7 shows the EBSD diagram of the three groups of steel after electrolysis. As
shown in Figure 7a, 1# includes type I and type II inclusions. Spherical inclusions with
a size of about 2 um, fusiform inclusions with a size of 3-8 um, and rod-rod inclusions
with a size of 8-14 um primarily exist in the steel matrix and their distribution is uneven;
the length/width of spherical inclusions is close to 1. The length/width of fusiform
inclusions is between 1.5 and 2.1, and that of rod-rod inclusions is above 3.7. The size
of the largest rod—rod inclusions is 14.6 um and length/width is 4.98. As can be seen in
Figure 7b, 2# includes type I and type III inclusions, mainly composed of irregular flake
and inclusions over 10 pm, a small number of 2 pm spherical inclusions and about 4 um
fusiform inclusions, and large flake inclusions with length /width ranges from 2.1 to 2.9;
the longest inclusions are 17.7 um long and length /width is 2.2. Although the size of the
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flake inclusion is large, its width is also large, so the ratio of aspect to width is relatively
low. As shown in Figure 7c, 3# includes type I, type I, and type III inclusions of different
shapes, including fusiform, spherical, heart-shaped, droplet, butterfly, and irregular, short
rod-shaped inclusions. The length of rod-shaped inclusions with the largest individual size
reaches 19.66 um and length/width is 5.1, while the length of other rod-shaped inclusions
is 9-13 um and length/width is about 3.7.

5.00 kV Signal A = HDBSD Date :23 Jul 2021
- - ————v— USTL
WD =10.0 mm Mag= 1.00Kx Time :13:32:52

EHT =15.00 kV Signal A =HDBSD Date :23 Jul 2021 USTL
WD = 9.2mm Mag= 1.00KX Time :13:52:06

10 pm EHT = 15.00 kV Signal A =HDBSD Date :23 Jul 2021 USTL
WD = 94 mm Mag= 1.00K X Time :14:07:25

Figure 7. Morphologies observation of inclusions in three groups of steels after corrosion: (a) 1#;
(b) 2#; (c) 3#.
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The inclusions of sulfur-type steel are spherical, fusiform, and a few rod-like, with
a size of 2~14.6 um. After the addition of Bi, the total number of inclusions is reduced,
and the flake inclusions are increased, with a size of 2~17.7 um. After the addition of Bi
and Te, the number of inclusions is less in 1# than 2#, the number of rod-like inclusions is
less, and the morphology of inclusions is changed. Inclusions of other shapes appeared,
ranging in size from 2 to 19.66 um. The number of inclusions in 2# steel is the least among
the three groups. The addition of Bi alone and Bi and Te compound can improve the shape
of inclusions and reduce the aspect ratio of inclusions. However, some inclusions still have
large sizes.

3.4. Influence of Chemical Composition on the Morphology, Size, and Shape of Inclusions

Figure 8 shows the EDS line sweep of 1# after electrolysis, and Figure 8a shows
the spindle-shaped and rod-shaped inclusions, which can be judged as MnS by energy
spectrum analysis. Figure 8b shows the fusiform and spherical inclusions of line sweep,
which are also MnS, as found by energy spectrum analysis.

1 electronic image

10 um electronic image S

Figure 8. 1# Spherical, fusiform, and rod-bar MnS inclusions: (a) spherical, fusiform, and rod-bar
MnS; (b) spherical and fusiform MnS.

Figure 9 shows the EDS line sweep of 2# after electrolysis, and Figure 9a shows the
plat-like inclusion, which can be judged as MnS by energy spectrum analysis. Figure 9b is
a crescent-shaped MnS inclusion, and Figure 9c is a spherical MnS inclusion.

Figure 10 shows the EDS line sweep of 3# after electrolysis. Figure 10a shows the MnS
inside the Te package, and Bi is distributed in the MnS. Figure 10b shows the heart-shaped
MnS, and Figure 10c shows the MnS with unilateral Te. It can be found that Te exists in
steel mainly wrapped in one or both sides of MnS inclusions, while Bi can exist inside MnS.

The inclusions in sulfur-containing free-cutting steel are MnS, the inclusions in sulfur-
containing bismuth free-cutting steel are MnS, Mn (Te, S), and Mn (Te, S), and Bi composite
inclusions are found in sulfur-containing bismuth tellurium free-cutting steel. After Bi
element was added, the size of inclusions tended to increase, the total number of inclusions
decreased, the rod-bar inclusions decreased, and the aspect ratio of inclusions decreased
obviously. The addition of Bi and Te changed the composition and morphology of the
inclusions, and the shape of the inclusions was more diverse. Bi and Te have obvious
improvement effects on inclusions, as both can reduce the number of inclusions and reduce
the rod-like inclusions with large aspect ratio.
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10 um electronic image 10 pm electronic image

., -
Tam electronic image

Figure 9. 2# Plate, crescent, and globular MnS inclusions: (a) plate MnS; (b) crescent MnS;
(c) globular MnS.

electronic image

s
Epm electronic image

Figure 10. 3# MnS inclusions of heart shape and with Te on either side or one side: (a) fusiform MnS
containing Te on both sides and Bi in the middle; (b) heart-shaped MnS; (c¢) MnS with Te on one side.
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Abstract: An excellent Fe-3.3 wt% Si steel was fabricated by double cold rolling and final annealing.
The evolution of the microstructure and texture was studied by optical microscope (OM), X-ray
diffraction (XRD), ex situ, and quasi-in situ electron backscattered diffraction (EBSD) to investigate
the recrystallization behavior. Double cold rolling significantly reduced the adverse y texture in
the final annealed sheets, and a stronger 1 texture was observed. With a reduction ratio of 50%
and 65% during double cold rolling, the y texture almost disappeared, whereas the n texture was
obviously improved. Consequently, the texture factor reached its peak, leading to a reduction in iron
loss and an enhancement of magnetic induction. By combining texture regulation with dislocation
strengthening, the magnetic properties of Fe-3.3 wt% Si steel were improved, and the yield strength
also increased. The final sheet exhibiting exceptional magnetic characteristics and enhanced strength
attained a reduction in iron loss (P1g,400 = 21.84 W/kg) of 6.43 W/kg, along with an enhancement
of magnetic induction (Bsg = 1.698 T) of 0.038 T and yield strength (R0 = 578 MPa) of 37 MPa
compared to a single-stage cold rolling process.

Keywords: non-oriented silicon steel; double cold rolling; dislocation strengthening; texture evolution;
quasi-in situ EBSD; microstructure

1. Introduction

Non-oriented silicon steel is a type of electrical steel containing 2-3% silicon [1,2].
Non-oriented silicon steel exhibits good permeability in all directions and uniform elec-
tromagnetic properties, making it superior to alternating current electromagnetic field
performance [3]. Owing to its exceptional magnetic characteristics, non-oriented silicon
steel is extensively utilized for manufacturing core materials for generators, transformers,
and motors [4,5]. In contrast to conventional products, advanced non-oriented silicon
steel not only maintains exceptional electromagnetic performance but also provides in-
creased yield strength, enhancing durability and reliability [6]. Dislocation strengthen-
ing to enhance strength represents a form of resource-efficient high-strength electrical
steel [7]. Zhong et al. [8] and Yu et al. [9] demonstrated that recrystallization annealing
significantly improved magnetic properties but negatively impacted mechanical properties.
Lin et al. [10] and Zhang et al. [11] indicated that the decline in iron loss and yield strength
with increased recrystallization rate was ascribed to the substantial reduction in disloca-
tion density during the recrystallization process. Thus, the challenge of using dislocation
strengthening methods lies in enhancing the mechanical properties without compromising
the magnetic performance, which remains a key research focus.

When using the traditional single-stage rolling method to produce silicon steel,
a substantial reduction ratio in cold rolling can result in the development of strong y
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and « textures in the final annealed sheets [12]. Therefore, double cold rolling has been
proposed to improve the recrystallization textures and optimize the magnetic properties of
annealed sheets [13]. Qin et al. [14] and Yao et al. [15] demonstrated that the double cold
rolling route introduced a strong 1) texture to the annealed sheets. Li et al. [16] indicated that
a two-step rolling method remarkably weakened the detrimental y texture while enhancing
the A fiber texture, thereby improving magnetic characteristics. Lu et al. [17] examined
the impact of a two-stage rolling route on 4.5 wt% Si non-oriented electrical steel, finding
that a moderate reduction can achieve excellent mechanical and magnetic properties. To
enhance the regulation of the microstructure and texture and to improve the magnetic and
mechanical properties, it is crucial to deepen our understanding of the mechanisms that
affect the texture evolution and recrystallization behavior of high-strength silicon steel
subjected to the double cold rolling process.

In recent years, characterization techniques using quasi-in situ electron backscattered
diffraction (EBSD) have provided new insights into the study of material recrystallization
behavior [18-20]. Quasi-in situ EBSD technology offers direct visualization of microstruc-
ture changes during the recrystallization process, making it an effective tool for in-depth
analysis of texture evolution mechanisms in silicon steel [21]. In this study, Fe-3.3 wt%
Si non-oriented silicon steel was produced through double cold rolling processes and
dislocation strengthening. This study investigated the microstructure evolution in dou-
ble cold rolling processes and the impact of dislocation strengthening on magnetic and
mechanical properties. Using quasi-in situ EBSD techniques, this study elucidated the
texture evolution and strengthening mechanisms of Fe-3.3 wt% Si steel during rolling and
annealing, providing theoretical support for industrial production processes.

2. Materials and Methods

The experimental material was a Fe-3.3 wt% Si steel hot-rolled sheet with a thickness
of 2 mm; its specific composition is listed in Table 1. Figure 1 illustrates the process flow.
Four samples measuring 120 mm (RD, rolling direction) x 100 mm (TD) were cut from a hot-
rolled sheet via wire cutting. Three of the samples were rolled to intermediate thicknesses
of 1.2, 1.0, and 0.8 mm with multiple passes along the rolling direction (processes A, B, and
C, respectively). Subsequently, the three samples were placed in a box furnace at 980 °C for
4 min, followed by air cooling to room temperature, which was further rolled to 0.35 mm.
The last sample underwent direct single-stage cold rolling to 0.35 mm (process D). Finally,
all specimens were annealed at 750 °C in a 100% N, atmosphere. Samples with different
annealing processes and annealing times were named according to “process-annealing
time”, for example, “B-15m” indicates the sample of process B and annealing for 15 min.

Table 1. The chemical composition of the Fe-3.3 wt% Si steel (wt.%).

C Si Mn Al S N Fe
<0.005 3.3 <0.5 <11 <0.005 <0.005 Bal.
Cold rolling Intermediately Cold rolling

g A40% annéqligg 0 A 71%  Finally annealing
5~ B[L0mm |s0% _ %5 s 65% —
© <lmsmmore swrcximn 8 *[em]

D None ‘ D 82.5%

Figure 1. Schematic diagram showing process flow of Fe-3.3 wt% Si steel with different processes.

The metallographic and EBSD samples were ground using sandpapers from 400# to
2000#, followed by mechanical polishing until the surface was bright. Metallographic sam-
ples were corroded using a 4% nitric acid alcohol solution. Microstructures were observed
using an optical microscope (OM). The EBSD samples used for grain orientation data
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collection were electrolytically polished using 10% HCIO4 and 90% C,H5OH at a polishing
voltage of 25-27 V and for a polishing time of 10-15 s. For the quasi-in situ experiments, the
polishing time was shortened to 3-5s. An EBSD system was applied for grain orientation
data collection. The grain sizes were calculated using at least five 100x metallographic
photographs or EBSD maps and averaged. X-ray diffraction (XRD) with Co K diffraction
was used to detect three incomplete polar patterns {100}, {110}, and {211} and calculate
the Orientation Distribution Functions (ODFs). The macrotexture specimen size was
20 mm (RD) x 18 mm (TD). Standard tensile tests were adopted to measure the mechani-
cal properties with a stretching speed of 2 mm-min~!. A single-sheet magnetic detector
was adopted for the measurement of magnetic properties, including magnetic flux density
Bsp, iron loss P1g /400 and Py5,50. Each group of samples was measured at least five times
and averaged.

3. Results and Discussion
3.1. Microstructure and Textures of Hot-Rolled Sheet

Figure 2 shows the microstructure and textures of the initial hot-rolled sheet. As shown
in Figure 2a, the microstructure was divided into a surface layer (region A), subsurface
layer (region B), and central layer (region C) along the thickness direction. The surface layer
(region A) exhibited a uniform and fine equiaxed microstructure. The texture was weak
and dispersed, primarily consisting of {110}<001> (intensity 2.72), {881}<126> (intensity
2.76), and {661}<233> (intensity 2.66) components, as illustrated in Figure 2b. Subsurface
region B was characterized by a mixed microstructure consisting of elongated deformed
bands and several recrystallized grains. The texture was primarily composed of a strong
Goss component and a Cube component, with the texture intensity significantly increasing
compared to the surface layer, reaching a maximum of 18.06, as shown in Figure 2c. The
central layer (region C) was composed of elongated deformed bands, with the texture
characterized by strong o- and A-fiber textures, as shown in Figure 2d. Both « and A fiber
textures were continuously distributed, with the A fiber texture extending from {001}<110>
to {001}<100>, exhibiting a maximum intensity of 24.59 at the Cube component. The « fiber
texture extends from {001}<110> to {111}<110>, with a peak intensity of 14.46 observed at
the {118} texture.

Microstructure Macro texture

91 9,=45°
b =
“=oq

8 ®
(4
2.66 Z-76@.72

L 70 & lv

Surface

Center layer

Figure 2. Microstructure and textures of initial hot-rolled band (a) Microstructure; (b) Surface texture;
(c) Subsurface texture; (d) Central layer texture.

142



Metals 2024, 14, 1127

3.2. Microstructures and Textures of Cold-Rolled and Intermediate Annealed Sheets

Figure 3 shows the microstructures and textures of the first cold-rolled and interme-
diate annealed sheets in double cold rolling processes. The cold-rolled microstructures
were similar to that of the hot-rolled sheet, exhibiting different microstructural character-
istics in the direction of thickness. After the first cold rolling, the recrystallized grains on
the surface were flattened and fragmented, and as the rolling reduction rate increased,
the fracture degree of the equiaxed crystals also rose. In process C, where the reduction
rate was maximum, the surface equiaxed grains were entirely transformed into fibrous
microstructures. The deformed grains in the central layer were further flattened and elon-
gated. The textures of the first-stage cold-rolled sheets were similar, including strong «,
A, and vy textures; however, the strong points and texture intensities were different. The
reduction rate in process A was 40%, with the texture strength point located at {113}<230>
(with an intensity of 4.26), and the deviation from {113}<361> was only 10°. The texture
strength point changed with an increase in the reduction rate. In process B, the reduction
rate was 50%, and the texture strength point was located at {113}<110> with an intensity
of 4.79. When increased to 60% in process C, the texture strength point was located at
{223}<110> and the intensity was 5.00. After annealing at 980 °C for 4 min, all deformed
microstructures were completely recrystallized. With an increase in the reduction rate from
40% to 60%, the average grain size of the intermediate annealed sheets decreased gradually
to approximately 85.6, 79.8 and 75.3 um, respectively. When the reduction rate rose, the
dislocation density in the cold-rolled sheet increased, which improved the driving force
for recrystallization [22], and thus increased the nucleation ratio and decreased grain size
of intermediate sheets. In process A, the texture was dominated by a strong y texture
and a small amount of oc* texture, with a strong point near {111}<352> and an intensity of
4.08. In process B, the texture type changed slightly, whereas the strong point shifted to
{332}<113>. In process C, the y texture was weakened, the overall texture became dispersed,
and the strong point was still located near {332}<113>.

Microstructure Texture

Process A

Process B

Process C

First stage cold rolled band Intermediate annealed band First stage cold rolled band Intermediate annealed band
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Figure 3. Microstructures and textures of first-stage rolled and intermediate annealed bands.

Figure 4 shows the microstructures and textures of the final cold-rolled sheets obtained
by different processes. After single-stage cold rolling at a reduction ratio of 82.5%, the grains
were severely compressed along the rolling direction, forming a fibrous microstructure.
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Compared with the microstructure formed during single cold rolling, the microstructure
of the double cold rolling process exhibited a significant change. Two kinds of deformed
grains can be observed in the double cold-rolled samples, which are usually divided into
dark regions (high energy storage and dislocation density) and bright regions (low energy
storage and dislocation density) [23]. With a decrease in the secondary rolling reduction,
the number of shear bands in the dark zone gradually decreased. When the secondary
reduction ratio was reduced to 60%, the extent of cold deformation was the lowest, and
most of the grains could adapt to the plane deformation process [24]; thus, the high fault
density and high energy storage areas were reduced. The texture of single cold rolling was
mainly composed of strong «- and y-fiber textures, with the strong point located at the
{223}<110> component, with the intensity of 8.62. The A fiber texture was discontinuous and
mainly concentrated in {001}<110>, and the orientation intensity was 7.27. The secondary
cold-rolled sheets exhibited a heavy «-fiber texture and relatively slight y-fiber and A fiber
textures. As for process A, the strong point was near the {223}<110> component with an
intensity of 8.79. With the decrease in the double cold rolling reduction rate (processes
B and C), the a-fiber texture gradually weakened and transformed into an «* texture,
whereas the y texture first became weaker and then stronger with the peak point converted
from the {111}<110> to {111}<112> component. In terms of the A texture, the strong points
were all located at the {001}<120> component, and the orientation intensities first increased
and then decreased, which were 5.57, 6.72, and 5.15, respectively.

Microstructure Texture
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[Process B [

Process C
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Figure 4. Microstructures and textures of the final cold-rolled bands.

3.3. Microstructures and Textures of Final Annealed Sheets

Figure 5 shows the microstructures and textures of the final annealed sheets. After
final annealing of the single-stage cold-rolled sheet in process D at 750 °C, the rolled
microstructure was fully recrystallized with grain size of approximately 28.2 um. The
single-stage cold-rolled sheet formed a strong vy and o* fiber texture, with the strong point
located in the {111}<112> component (intensity 9.61). In the double cold rolling processes,
all samples achieved complete recrystallization after final annealing with average grain
sizes of ~32.2, ~38.7 and ~42.9 um in processes A, B, and C, respectively. In contrast to
single-stage rolling, the double cold rolling processes significantly reduced the adverse
v texture after final annealing. Process A showed a relatively strong v fiber, x* fiber, and
strong 1 fiber texture with a peak near the {114}<481> component. In process B, the y
fiber texture disappeared, while the 1 texture was significantly enhanced with an intensity
of 6.25. In process C, the adverse y-fiber texture appeared again, whereas the 1 texture
was weakened.
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Figure 5. Microstructures and textures of the final annealed bands.

3.4. Magnetic and Mechanical Properties

enhanced. From process A to C, Bs first went up and then went down. The trend of Py5/59

Table 2 lists the magnetic and mechanical characteristics of Fe-3.3 wt% Si steel under
different processes. The magnetic induction Bsy, iron loss Py5,50, and Pyg,409 of samples in
process D were 1.660 T, 3.85 W /kg and 28.27 W /kg, respectively. In contrast, the magnetic
properties of the bands prepared by the double cold rolling processes were apparently

was opposite to that of Bsy, first decreasing and then increasing. Py 49 gradually decreased.
When the reduction rates were 50% and 65% in process B, a good match between magnetic
properties and mechanical properties was obtained (Bsg = 1.683 T, P15,50 = 2.96 W/kg,
P1g,/400 = 21.16 W/kg). Compared with single cold rolling, Bsy increased by 0.023 T, Py5,5,

P10/400 and R decreased by 0.89 W/kg, 7.11 W/kg and 36 MPa, respectively.

Table 2. Magnetic and mechanical properties of Fe-3.3 wt% Si steel under different processes.

Pys5/50 P10/100 Bso Rpo.2 Rm E
Samples  wiKg)  (W/Kg) (T (MPa) (MPa) (%)
A-15m 3.26 21.46 1.671 508 612 19.4
B-15m 2.96 21.16 1.683 505 613 18.2
C-15m 3.07 21.15 1.679 496 594 20.1
D-15m 3.85 28.27 1.660 541 634 14.7

145




Metals 2024, 14, 1127

Table 3 shows the magnetic and mechanical properties of Fe-3.3 wt% Si steel annealed
for various times under process B. When the annealing time was 200 s, Bsg, P;5,50, and
P10/400 of the samples were 1.664 T, 4.40 W /kg and 29.42 W /kg, respectively. With the
annealing time increasing to 5 min, Bs( increased to 1.698 T, P15,50 and P1g,400 decreased to
3.18 W/kg and 21.84 W/kg. When the annealing time was 10 min, the Bsy of the sample
decreased to 1.685 T and Pyg 49 slightly increased to 21.97 W/kg. When the annealing
time increased to 15 min, B slightly decreased, P15,/50 and Py /409 decreased to 2.96 W /kg
and 21.16 W/kg, respectively. With an increase in annealing time from 200 s to 15 min, the
yield strength continuously decreased from 621 MPa to 505 MPa. Evidently, the magnetic
and mechanical properties were well matched at 5 min, with Bsy of 1.698 T, Pyg,409 of
21.84 W/kg and Rpg» of 578 MPa. Bsg increased by 0.038 T, P1g,400 reduced by 6.43 W /kg
and the Rpy, increased by 37 MPa in comparison with the single-stage cold rolling (process
D). Table 4 shows the property comparison between the Fe-3.3 wt% Si steel in this study
and the industrial steel B35AHS550 (typical value) [25]. The mechanical properties of
double cold-rolled Fe-3.3 wt% Si steel were at the same level as that of B3A5SAHS550, while
P1¢,/400 was reduced by 8.16 W/Kg and Bs increased by 0.038 T.

Table 3. Magnetic and mechanical properties of Fe-3.3 wt% Si steel under process B.

P15/50 P10/400 Bso Rpo.2 Rm E
Samples W/Kg)  (W/Kg) (T) (MPa) (MPa) (%)
B-200s 4.40 29.42 1.664 621 671 10.6
B-250s 3.84 24.78 1.690 605 655 11.9
B-5m 3.28 21.84 1.698 578 648 13.4
B-10m 3.29 21.97 1.685 523 619 15.9
B-15m 2.96 21.16 1.683 505 613 18.2

Table 4. Comparison of properties of different silicon steels.

P10/400 Bso Rpo2

Samples (W/Kg) (T) (MPa)
Fe-3.3 wt% Si steel in this work 21.84 1.698 578
Commercial B35AHS550 30.00 1.660 575

3.5. Relationship between Microstructure, Texture Evolution, and Properties

The texture of non-oriented silicon steel significantly influences the magnetic prop-
erties of the annealed sheets. This effect arises from the fact that the <001> direction of
the BCC crystal structure exhibits the lowest magnetic crystal anisotropy energy, making
it the preferred direction for magnetization. In contrast, the <111> direction represents a
challenging magnetization direction. It is effective in improving the magnetic induction
Bsg of electrical steel by strengthening the A and 1 textures (containing the most easily
magnetized <100> direction), while minimizing the y texture (containing the most difficult
magnetized <111> direction) [4,26]. To investigate the correlation between various textures
and magnetic characteristics, the texture factor (TF) [27,28], which is generally evaluated
by the fraction of special textures, has been proposed. The 1 texture is considered in the
texture factor, which is suitable for a strong 1 texture in this study. The texture factor can
be expressed by the following formula:

— V100> //8D+ V<1005 //RD = V {100} <001>

)
Vaiis//ND

where V is the volume fraction of different textures, %. Since both A and n fibers contain

the Cube component, the volume fraction of the Cube texture needs to be subtracted here.

Figure 6 shows the texture volume fractions and texture factors of the final annealed

sheets under different processes. The A and 1 textures are beneficial to the magnetic
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susceptibility of Bsy, whereas a stronger y texture will worsen the magnetic induction
Bsg of silicon steel [29,30]. Obviously, the higher the TF value of the samples, the more
favorable the magnetic properties [31]. Compared to the single-stage rolling process, the
final annealed sheets prepared by double cold rolling contained lower y and higher n and
A textures, leading to a higher texture factor and higher Bsg. For the double cold rolling
process A, B, and C, the volume fractions of the A and 1 textures first increased and then
decreased with a decline in the reduction ratio of double cold rolling. The volume fraction
of the Cube texture was relatively low and its change was not obvious. The volume fraction
of the y texture gradually decreased. The above changes caused the texture factor to first
increase from 1.32 to 2.13 and then decrease to 1.96, and all of the texture factors were higher
than those of the single stage (0.48); therefore, Bs first went up from 1.671 T to 1.683 T
and then went down to 1.679 T with the decrease in the reduction rate in the two-stage
cold rolling processes, and all of the Bsy were higher than that of the single stage (1.66 T).
Iron loss is mainly influenced by grain size and texture. As the grain size increased, the
density of grain boundaries diminished, which reduced the grain boundary pinning effect
during magnetization, subsequently resulting in lower iron loss [32]. In addition, when the
favorable textures in the annealed sheet increased, the energy required for magnetization
was reduced, leading to the reduction in iron loss [33].The average grain sizes of process A,
B, C, D after annealing for 15 min were ~32.2, ~38.7, ~42.9 and 28.2 pum, the texture factors
were 1.32,2.13,1.96, and 0.48, and the corresponding Py ,499 were 21.46, 21.16, 21.15, and
28.27 W /kg, respectively. The grain sizes of process B and process C were similar and
relatively large, and the texture factors were similar and relatively high; therefore, the iron
loss P1¢,400 of process B and process C were similar and the lowest.
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Figure 6. The volume fraction of specific textures and texture factors.

Figure 7 illustrates the microstructure and texture evolution in the final annealed
sheet with different annealing times in process B. Figure 8 presents the evolution of the
macro-texture in the final sheet. In the case of 200 s, the microstructure predominantly
consisted of deformation bands. These deformation bands were predominantly composed
of the y- and «-fiber textures. Fine recrystallized grains were observed at the shear bands
and boundaries of high-stored-energy y-oriented grains, as well as at the boundaries of
a-oriented grains. Recrystallized grains were largely absent in the o-oriented deformation
bands, with nucleation occurring primarily at the grain boundaries. The newly formed
grains did not grow significantly, and the overall texture primarily consisted of strong -
and y-fiber textures, with the peak point located at {223}<110>. The recrystallization rate in-
creased with increasing annealing time. At the annealing time of 250 s, recrystallized grains
underwent some growth. Despite this growth, the overall microstructure changed slightly,
with a significant presence of a deformation microstructure. The texture remained to be
strong «- and y-fiber components. The {223}<110> texture was significantly weakened, and
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the strong point was transferred to {118}<110>. A significant change in the microstructure
was observed when the annealing time was extended to 5 min. The deformed grains were
gradually consumed by the neighboring recrystallized grains, leading to a microstructure
predominantly composed of recrystallized grains, with only a few incomplete deformed
bands remaining. In addition, a strong component of the 1 fiber appeared in the sample,
with the peak point located at the Goss texture and an intensity of 6.43. The v fiber became
dispersed and almost disappeared. During annealing from 10 min to 15 min, minimal
changes in the microstructure and texture were noted. The microstructure gradually be-
came homogeneous, while the texture continued to exhibit strong n-fiber characteristics,
along with measurable intensities of the y- and A-fiber textures.
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Figure 7. Microstructures and texture evolution of final sheet with different annealing times of
process B.
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Figure 8. Macro-texture evolution of final sheet with different annealing times of process B.
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Figure 9 shows the nucleation growth process and area fraction change in grains
with specific orientations. Many studies [34,35] have shown that Goss grains mainly
nucleate and grow in the shear zone of y-oriented deformed grains. At positions 1 and 2,
a Goss-oriented grain nucleated at the shear band of the {111}<112> deformed structure,
whereas at position 3, the Goss-oriented recrystallized grain nucleated at the boundary of
the {111}<112> deformed grain and remained during the subsequent annealing process.
During the annealing process of 200 s~5 min, the Goss-oriented grains nucleated and
grew, and the area fraction increased rapidly from 2.92% to 11.5%. However, after 10 min,
some Goss grains were invaded by nearby grains (e.g., grains at position 7). The area
fraction decreased to 11.0% and 10.7% at 10 min and 15 min, respectively. At position
4, the Cube-oriented recrystallized grains nucleated and grew at the shear band within
the {111}<112> deformed structure, but the nucleation density was significantly lower
than that of the Goss grains [36]. During the annealing process, the area fraction of Cube
grains increased from 1.59% at 200 s, but was always low, with a maximum of 6.08%.
At position 5, a {001}<120>-oriented grain nucleated at the boundary of the {111}<112>
deformed grain and gradually grew into the interior of the deformed grain [12]. The area
fraction of {001}<120> showed a decreasing trend from 7.66% to 4.18%. It is generally
believed that y-oriented grains usually nucleate and grow at the inner or grain boundaries
of y-deformed grains, resulting in the annealing texture of y-fibers [37]. Position 6 shows
that a {111}<110> grain nucleated at the boundary of the {111}<112> deformed structure.
Position 7 shows that a {111}<112> recrystallized grain nucleated at the boundary of the
{111}<110> deformed structure. During the annealing process, the area fraction of the
{111}<112> oriented grains decreased from 19.9% to 4.92%, and then gradually increased
to 5.76%. The area fraction of the {111}<110>-oriented grains showed a similar trend,
decreasing rapidly from 8.28% to 2.61% and then gradually increasing to 5.6%.
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Figure 9. Microstructure and area fraction evolution of grains with specific orientations.

Figure 10 shows the volume fraction of specific textures and the texture factor in the
final sheet for process B with different annealing times. Throughout the annealing process,
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the volume fraction of the Cube texture exhibited a slight increase. During annealing times
of 200 s and 250 s, a significant number of deformed grains with y orientation were observed.
At an annealing time of 5 min, the deformed grains were progressively consumed by
recrystallized grains with different orientations, leading to a rapid decrease in the fraction
of the y texture. The volume fractions of A-fiber and n-fiber texture increased with the n-fiber
texture component reaching its maximum, thereby achieving the highest texture factor. As
y-oriented grains nucleated and grew, the volume fraction of the y-fiber texture increased
again, while the dominance of A and 7 textures diminished, causing a decrease in the
volume fraction and a gradual reduction in the texture factor. Consequently, with increasing
annealing time, the texture factor initially rose from 0.67 to 2.96 before subsequently
declining to 2.13, and Bsy exhibited a similar trend, increasing initially from 1.664 T to
1.698 T and then decreasing to 1.683 T. The texture factor was significantly increased
compared with that of the single-stage rolling process (0.48); thus, Bsy was improved up to

0.038 T.
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Figure 10. The volume fraction of specific textures and texture factors of final annealed sheet with
different annealing times of process B.

As shown in Figure 7, short annealing time resulted in incomplete recrystallization
of the sample. With increasing annealing time, the recrystallization rates gradually in-
creased, which were 25.2%, 46.7%, 79.5%, 91.0%, and 97.6%, respectively. The incomplete
recrystallized microstructures indicate that the sample contains many dislocations, and
the distribution of dislocation density could be qualitatively represented by Geometrically
Necessary Dislocations (GND). Figure 11 shows the GND maps of the final annealed sheet
with different annealing times for process B. As the annealing time increased, the GND
consistently decreased, indicating that dislocation density decreased gradually. Except
for a slight increase at 10 min, the iron loss decreased with the increase in annealing time,
which was mainly due to the increasing recrystallization, decrease in dislocation density;,
and possible grain growth. For similar reasons, with an increase in annealing time, the dis-
location density decreased, resulting in a decrease in the effect of dislocation strengthening
and a gradual decrease in yield strength. Compared to the single-stage process (~28.2 um),
although recrystallization was not complete, the average grain size of the sample was
~34.5 pum in the double-stage cold rolling process and annealing for 5 min, which finally
reduced the iron loss P1g/409 by 6.43 W/kg. At the same time, a moderate dislocation
density enhanced the yield strength by 37 MPa through dislocation strengthening.
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Figure 11. GND density of final annealed samples with different annealing times of process B.

4. Conclusions

Fe-3.3 wt% Si steel was prepared by different cold rolling processes and various
annealing times. The main results are summarized as follows:

(1) The final annealed sheet produced through the single-stage cold rolling process is
mainly composed of strong y and «* textures. In contrast, the double cold rolling
processes significantly reduced the adverse y texture, and a stronger 1 texture appears
in the final annealed sheets, leading to a relatively high texture factor. Compared with
single-stage cold rolling, the double cold rolling process can improve the magnetic
induction and iron loss.

(2)  Under the double cold rolling process, with the increase in annealing time, the mag-
netic induction Bs first increases from 1.664 T to 1.698 T and then decreases to 1.683 T,
and the yield strength continues to reduce from 621 MPa to 505 MPa. With a shorter
annealing time, incomplete recrystallization can improve the yield strength of the
samples, owing to stronger dislocation strengthening.

(3) An optimized combination of magnetic properties (Bsy of 1.698 T, P1g,400 of 21.84 W /kg)
and mechanical properties (Rpo.2 of 578 MPa) is obtained via a moderate rolling reduction
(50%, 65%) and an appropriate annealing time (5 min). Compared with the single-stage
cold rolling process, Bsg increases by 0.038 T, P14 decreases by 6.43 W /kg and Rpg»
increases by 37 MPa.
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