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Editorial

The Design, Development and Processing of Aluminium Alloys
and Their Composite Materials

Peng Tang 1,*, Mingyi Zheng 2, Kang Wang 3,* and Xingzhi Pang 1,*

1 Guangxi Key Laboratory of Processing for Non-Ferrous Metals and Featured Materials, School of Resources,
Environment and Materials, Guangxi University, Nanning 530004, China

2 School of Materials Science and Engineering, Harbin Institute of Technology, Harbin 150001, China;
zhenghe@hit.edu.cn

3 School of Materials Science and Engineering, Dongguan University of Technology, Dongguan 523808, China
* Correspondence: tp@gxu.edu.cn (P.T.); wangk@dgut.edu.cn (K.W.); pxzh2006@126.com (X.P.)

1. Introduction

Aluminium, as the most abundant metallic element in the Earth’s crust, holds a piv-
otal position in modern industry due to its exceptional combination of a low density, high
specific strength, excellent workability, superior corrosion resistance, and remarkable recy-
clability. From aerospace and automotive engineering to construction and transportation,
aluminium alloys have become indispensable materials that enable lightweight design
and sustainable manufacturing. However, with the ever-increasing demand for higher
performance, enhanced energy efficiency, and reduced environmental impact, the continu-
ous advancement of aluminium alloy design, development, and processing technologies
remains a critical pursuit for materials scientists and engineers worldwide.

This Special Issue, titled “The Design, Development and Processing of Aluminium
Alloys and Their Composite Materials”, brings together a collection of 14 original research
articles that explore a wide spectrum of topics, ranging from fundamental microstructure–
property relationships to advanced processing techniques and innovative material designs.
Collectively, these contributions provide valuable insights into the complex interplay
between composition, processing, microstructure, and the resulting mechanical, thermal,
and corrosion properties of aluminium-based materials.

The published articles in this Special Issue can be broadly categorized into several
key thematic areas, each addressing critical challenges and opportunities in aluminium
alloy research.

2. Welding and Joining Technologies for Aluminium Alloys

The joining of aluminium alloys remains a critical industrial challenge, particularly
in the context of lightweight structural fabrication. Several contributions in this Special
Issue address this topic through both experimental and numerical approaches. In the
work by Peng et al. [1], the laser welding process of 6056 aluminium alloy T-joints was
systematically investigated using Simufact Welding numerical simulation. The authors
validated their finite element model against experimental results and explored the effects of
bilateral synchronous versus asynchronous laser welding on molten pool stability. Through
orthogonal testing, optimal process parameters were identified, and the influence of weld-
ing sequence on post-weld equivalent stress and deformation was analyzed. This study
provides a robust framework for process optimization in laser welding of aluminium alloy
structures. Complementing this, Guan et al. [2] conducted an experimental investigation
into the effects of reaming on the fatigue life of cold-expanded 7050-T7451 aluminium alloy.

Crystals 2026, 16, 237 https://doi.org/10.3390/cryst16040237
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The split-sleeve cold expansion technology is widely employed to enhance the fatigue
performance of fastening holes in aerospace applications. Their results demonstrated that
reaming by 0.2–0.4 mm effectively eliminates minor defects and improves fatigue life,
while excessive reaming beyond 0.5 mm leads to stress relief and removal of the refined
grain layer, thereby reducing fatigue performance. These findings offer essential guidance
for optimizing post-expansion processing in aerospace fastener applications. A compre-
hensive review by Borah et al. [3] consolidates recent advancements in friction stir spot
welding (FSSW) of aluminium alloys, with particular emphasis on tool design, thermal
characterization, and mechanical properties. The review critically synthesizes comparative
insights into temperature distribution, weld strength, hardness variation, and metallurgical
transformations reported across numerous studies. By identifying knowledge gaps and
potential design improvements, this work provides a valuable roadmap for developing
more efficient and robust FSSW processes for industrial applications.

3. Alloy Composition Optimization and Microstructural Control

The relationship between alloy composition, microstructure, and mechanical proper-
ties is a central theme in aluminium alloy development. Several studies in this Special Issue
explore the effects of trace element additions and processing conditions on microstructural
evolution and performance. Qin et al. [4] investigated the influence of rare earth yttrium
(Y) on the microstructure and heat-resistant properties of ZL109 alloys. The results re-
vealed that Y addition refines α-Al dendrites and modifies eutectic Si morphology, while
also forming a heat-resistant Al2Si2Y phase. The optimal Y content was determined to
be 0.2 wt.%, which significantly improved both room-temperature and high-temperature
tensile properties. This study highlights the potential of rare earth elements in enhanc-
ing the high-temperature performance of cast Al–Si–Cu–Mg–Ni alloys. Similarly, Wu
et al. [5] examined the effect of yttrium on iron-rich phases and mechanical properties of
as-cast AA8176 (Al–1Fe) alloy with low silicon concentration. The addition of 0.5 wt.%
Y transformed coarse needle-like Al13Fe4 phases into short rod-like morphologies, while
forming fine Al10Fe2Y phases, resulting in a substantial reduction in the average length
of iron-rich phases and an improvement in mechanical properties. This work provides
important insights into the modification of detrimental iron-rich phases in Al–Fe alloys
through rare earth microalloying. Addressing the challenge of iron impurity control in
recycled aluminium, Cao et al. [6] systematically investigated the effects of Fe content
on the microstructure, mechanical properties, and corrosion resistance of as-cast 5083
aluminium alloy. Their results showed that increasing Fe content induces a transition
from compact Chinese-script α-Al(Fe,Mn)Si phases to coarse needle-like β-AlFeSi phases,
with optimal mechanical properties achieved at 0.45 wt.% Fe. This study establishes an
experimental basis for impurity tolerance control in recycled 5083 alloys, contributing to
the sustainable utilization of secondary aluminium resources. In another contribution,
Huang et al. [7] explored the micro-alloying effect of samarium (Sm) on the thermal con-
ductivity and mechanical properties of Al–5Ni cast alloys. The addition of 0.1 wt.% Sm
refined both α-Al grains and eutectic structures while simultaneously improving thermal
conductivity through the reduction of Fe and Si impurity solubility in the α-Al matrix. This
work demonstrates a promising approach for developing Al–Ni alloys with combined high
thermal conductivity and satisfactory mechanical properties.

4. Composite Materials and Interface Engineering

The development of aluminium matrix composites and the understanding of interface
phenomena are crucial for achieving enhanced material performance. Several contributions
in this Special Issue focus on these aspects. Pang et al. [8] employed first-principles calcu-

https://doi.org/10.3390/cryst16040237
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lations to investigate the interface characteristics between TiB2(0001) and L12-Al3Zr(001).
Considering twelve different interface models with various terminations and stacking
positions, the authors identified the most stable interface configurations based on adhesion
work, interfacial energy, and electronic structure analysis. This theoretical study provides
fundamental insights into the “poisoning” phenomenon observed in Al–Ti–B grain refiners
when excess Zr is present, offering a deeper understanding of heterogeneous nucleation
mechanisms in aluminium alloys. Jiang et al. [9] reported on the toughening mechanism of
CaAl12O19 in red mud–Al2O3 composite ceramics. By incorporating 1.5 wt.% Cr2O3 and
sintering at 1500 ◦C, the authors achieved a composite with flexural strength of 297.03 MPa
and fracture toughness of 6.57 MPa·m1/2. The formation of CaAl12O19 phases that create
“endo-crystalline” structures with Al2O3 grains was identified as the key toughening mech-
anism, changing the fracture mode from intergranular to transgranular. This study not
only demonstrates an effective approach for utilizing red mud resources but also estab-
lishes the potential of these composites for electronic packaging applications. El Hachemi
et al. [10] presented a dual approach combining spectroscopic ellipsometry and wave optics
simulations to characterize the optical properties of nano-designed TiN/AlN composite
dielectrics. Their methodology enabled the retrieval of effective refractive index and ex-
tinction coefficient for this complex nanostructured composite, with strong agreement
between experimental and numerical results. This work provides a rational framework for
designing material models for optical property studies across a broad spectrum.

5. Advanced Processing and Characterization

Innovations in processing techniques and characterization methods are essential for
advancing aluminium alloy technology. Several contributions in this Special Issue explore
such advancements. Mo et al. [11] investigated the interactions between Sc2O3 ceramics and
calcium–magnesium–alumina–silicate (CMAS) at elevated temperatures, a topic relevant to
thermal barrier coating applications. Their study revealed that a dense reaction layer forms
on the ceramic surface, with composition and thickness dependent on temperature. At
1300 ◦C, the garnet phase-dominated reaction layer thickens according to parabolic kinetics,
providing effective resistance to Mg2+ and Al3+ infiltration. These findings contribute to
the understanding of CMAS corrosion resistance in rare earth oxide-based thermal barrier
coatings. The study by Liu et al. [12] investigated the typical microstructure of twin-roll
cast (TRC) 2139 aluminium alloy and its impact on mechanical properties, comparing
with conventional mold casting (MC). The TRC process resulted in a denser dendritic
structure and, after heat treatment, yielded a 10%+ improvement in both strength and
ductility compared to MC sheets. This work establishes TRC as a superior industrial route
for producing high-performance aluminium sheets, with significant implications for auto-
motive and aerospace applications. Shi et al. [13] examined the effect of Al–5Ti–2B grain
refiner on the microstructure and mechanical properties of recycled Al–7Si–0.3Mg–1Fe
alloy. The optimal refinement was achieved at 1% addition, yielding tensile strength of
149.4 MPa and elongation of 4.3%. The study provides insights into the synergistic effects
of grain refinement on α-Al, eutectic Si, and Fe-rich intermetallics, contributing to the
high-value utilization of recycled aluminium alloys. Hu et al. [14] conducted research on
the efficient desilication process of low-grade bauxite in Guangxi using barium hydroxide
pre-desilication technology. Under optimal conditions (3 g Ba(OH)2, 25 ◦C, 50 min), a desil-
ication rate of 97.53% was achieved, significantly improving the Al/Si ratio and reducing
subsequent processing costs. This work addresses the critical challenge of silicon removal
from low-grade bauxite, supporting the sustainable development of the alumina industry.

https://doi.org/10.3390/cryst16040237
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6. Concluding Remarks

The 14 articles collected in this Special Issue represent a diverse and comprehensive
exploration of the current frontiers in aluminium alloy research. Collectively, they highlight
several key trends and future directions:

Sustainable Processing: The growing emphasis on recycled aluminium, red mud
utilization, and low-grade bauxite processing reflects the industry’s commitment to circular
economy principles and environmental sustainability.

Advanced Joining Technologies: The continued development of laser welding, friction
stir spot welding, and cold expansion techniques demonstrates the importance of robust
joining solutions for lightweight structures.

Microalloying and Composition Optimization: The strategic use of rare earth elements
and transition metals to refine microstructures, modify harmful phases, and enhance both
mechanical and functional properties remains a powerful strategy for alloy development.

Interface Engineering: The fundamental understanding of interfaces—whether in
composite materials, grain refiner interactions, or coating systems—is critical for achieving
superior material performance.

Multiscale Characterization and Simulation: The integration of experimental char-
acterization with numerical simulation and first-principles calculations enables deeper
insights into structure–property relationships and accelerates materials development.

We express our sincere gratitude to all authors for their valuable contributions to this
Special Issue. Their rigorous research and insightful findings have significantly advanced
the field of aluminium alloy design, development, and processing. We also extend our
appreciation to the reviewers for their thorough and constructive evaluations, which
ensured the high quality of the published works. Finally, we thank the editorial staff of
Crystals for their professional support throughout the preparation of this Special Issue.

We hope that this collection of articles will serve as a valuable resource for researchers,
engineers, and students working in the field of aluminium alloys and composite ma-
terials, inspiring further innovations and advancements in this dynamic and critically
important area.

Author Contributions: All authors contributed equally to this work. All authors have read and
agreed to the published version of the manuscript.
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(Baike ZQ252811).
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Abstract: This paper conducts a numerical simulation of the laser welding process for
6056 aluminum alloy stringers and skin T-joints using Simufact Welding. Initially, the
accuracy of the finite element simulation is validated, followed by an exploration of the
impact of bilateral asynchronous and bilateral synchronous laser welding on molten pool
stability. Process parameters, including laser power, welding speed, fixture clamping force,
and preheat temperature, are optimized through orthogonal testing. Furthermore, the
influence of welding sequences on post-weld equivalent stress and deformation in three
stringers’ T-joints is analyzed. The numerical simulation results indicate that the stability
of the molten pool is superior in bilateral synchronous welding compared to asynchronous
welding. Optimized process parameters were obtained through orthogonal testing, and
subsequent experiments demonstrated that the welding sequence of welding both sides
first, followed by the middle, produced lower post-weld equivalent stress and reduced
overall joint deformation.

Keywords: laser welding; numerical simulation; 6056 aluminum alloy; T-joint; optimized
process parameters

1. Introduction

Aluminum alloys are widely recognized for their unique combination of low density
and high strength [1–3], making them a key material in industries such as maritime,
aerospace, and high-speed rail. In particular, aluminum alloy stringer and skin T-joints
are commonly employed in structural applications [4,5]. Traditionally, these joints have
been assembled using riveting, but this method increases the overall structural weight,
posing design and efficiency challenges [6]. With the continuous advancement of welding
technologies, laser welding has emerged as a promising alternative. Notably, the dual laser
beam synchronous welding technology, developed by Airbus in Germany, is considered
one of the most advanced methods for aluminum alloy joints [7–9].
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Recent research efforts have increasingly focused on numerical simulations to opti-
mize welding processes and understand underlying thermal and mechanical behaviors [10].
One major reason is the high cost and time consumption associated with experimental
work, especially when dealing with complex parameters and large numbers of trials [11,12].
Numerical simulations allow researchers to conduct extensive parametric studies in a
relatively short time, enabling the exploration of a wide range of welding conditions with-
out the need for costly material consumption and labor-intensive experiments. Moreover,
simulations can provide detailed insights into temperature distribution, stress analysis,
and deformation, which would be difficult or impossible to capture in physical experi-
ments [13,14]. This makes simulations not only cost-effective but also more flexible, as they
can model various welding conditions under different material properties and geometric
configurations [15].

Vrtiel et al. [16] conducted numerical simulations of the laser welding process on 4 mm
thick S650MC high-strength steel plates using ANSYS software (Release 18.1). They devel-
oped a comprehensive simulation model for temperature field analysis, leading to the deter-
mination of optimal welding parameters for S650MC steel. Similarly, Khoshroyan et al. [17]
applied ANSYS to develop a three-dimensional finite element model to study the tem-
perature distribution, residual stresses, and deformations in MIG welding of reinforced
aluminum alloy Al6061-T6 plates. Their work demonstrated the impact of welding se-
quences and parameters on the residual stress and deformation in T-joints.

Duggirala et al. [18] explored the thermo-fluid dynamics during the laser deep fusion
welding of AA2024 aluminum alloy, using a transient three-dimensional simulation model.
Through finite element modeling, they quantitatively analyzed the effects of temperature-
driven surface tension and its influence on melt pool dynamics and geometry. Further
contributions by Alghamdi et al. [19] introduced a two-dimensional finite element model to
simulate the phase transformation and its effect on residual stress distribution in multiple
welding passes of thick T-joints. Additionally, Lu et al. [20] modeled oscillating laser weld-
ing in 6061 aluminum alloy, investigating the influence of beam oscillation on temperature
fields, melt flow, and defect suppression mechanisms.

With advancements in computational tools, numerical simulation has become an
indispensable technique in welding research. It plays a critical role in optimizing process
parameters, ensuring weld quality, minimizing testing costs, and guiding the development
of new materials and structures. Particularly for the dual-beam synchronous laser welding
of stringer-skin T-joints, the application of numerical simulations is of significant practical
value [21–24]. Xia et al. [25] conducted a numerical study on the molten pool flow behavior
and pore evolution during the dual-laser beam oscillating bilateral synchronous welding
(DLBOW) of T-joints. The results indicated that DLBOW technology effectively reduces
porosity in T-joint welds. A comprehensive numerical CFD model of the melting process
was developed, which aligned well with experimental results. The study also explored the
tracking of pore morphology under different laser incidence angles and the application
of the Fresnel multiple reflection model to capture pore evolution during the welding
process. Yang et al. [26] conducted a numerical simulation study to analyze heat transfer
and fluid flow during double-sided laser beam welding of T-joints for aluminum aircraft
fuselage panels. The study focused on the thermal and fluid dynamic behaviors within
the molten pool during the welding process. The results indicated that the heat transfer
characteristics and fluid flow significantly influence the weld quality, including penetration
and bead formation. The authors developed a comprehensive numerical model to simulate
the process, which was validated by experimental results. This work provided valuable
insights into optimizing welding parameters for improved joint integrity and enhanced
performance of aluminum fuselage structures in aerospace applications.
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Stringer–skin T-joints are commonly used in critical structural applications such as
aerospace and high-speed rail, where stringent quality standards are required. These joints
often experience complex loading conditions, making the optimization of their welding
process crucial for ensuring long-term structural integrity and reliable performance under
operational stresses. Numerical simulations of stringers and skin T-joints provide an
effective method for optimizing key welding parameters such as laser power, welding
speed, and fixture clamping force, ultimately enhancing joint quality [19]. In this study,
we use Simufact Welding software(version 5.0) to simulate the laser welding process of
6056 aluminum alloy stringers and skin T-joints, aiming to optimize the process parameters
and enhance joint quality.

2. Experimental Materials and Models

2.1. Material of T-Joints and Dimensions

The materials utilized for the T-joint base plate and stringer in this study are all
6056 aluminum alloy, which belongs to the aluminum–magnesium–silicon series (6×××
series) [26], and the chemical composition of the 6056 aluminum alloy is presented (shown)
in Table 1.

Table 1. Chemical composition of 6056 aluminum alloy (mass fraction).

Alloying Element Mg Si Cu Mn Zn Al

Content (wt%) 0.9 1.0 0.8 0.6 0.4 balance

The model and dimensions of the three T-joints studied in this paper are shown in
Figures 1 and 2.

Figure 1. Dimensions of the stringer T-joints. (a) Stringer; (b) base plate; (c) joint.
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Figure 2. Model of three stringer T-joints. (a) Base plate; (b) joint.

2.2. Finite Element Meshing of T-Joints

Simufact Welding, a software program specifically designed for welding applications,
was selected for the welding simulation in this study. It offers predefined process templates,
material libraries, and advanced algorithms for simulating complex heat sources and multi-
pass welds. These features make it particularly effective in modeling the dynamic effects of
welding, such as temperature distribution, residual stresses, and distortion. Additionally,
its integration with meshing tools like HyperMesh simplifies the preprocessing stage,
ensuring that the simulation setup is both efficient and accurate.

Hexahedral elements were used for the finite element meshing in the HyperMesh
software(version 2020). These elements provide higher accuracy in capturing complex
thermal gradients and mechanical deformations around the weld pool, making them
particularly effective in predicting the residual stresses and distortion typically associated
with welding processes.

A transition mesh strategy was employed to refine the mesh around the weld joint and
its adjacent areas. Finer elements were used near the weld, while coarser elements were
applied in regions farther from the weld, which are less affected by the heat source [27,28].
The mesh size in the seam area of the stringer was 0.9 mm × 0.9 mm, and in the surrounding
areas, it was 1.8 mm × 1.8 mm, resulting in a total of 2722 mesh elements. The base plate was
meshed in a similar manner, generating a total of 3889 mesh elements. At the connection
between the base plate and the three stringers, the mesh size was set to 2 mm × 2 mm,
while 4 mm × 4 mm was used in other areas, resulting in a total of 2575 mesh elements, as
shown in Figure 3.

9



Crystals 2025, 15, 299

Figure 3. Mesh generation. (a) Stringer; (b) base plate; (c) base plate for the three stringer T-joints.

2.3. Finite Element Simulation Welding Heat Source Modeling

Welding finite element simulations typically employ various heat source models,
including the Gaussian heat source model, double elliptic heat source model, uniform body
heat source model, and cone heat source model [29–31].

In this study, the heat source model utilized combines a Gaussian surface heat source
with an adaptive body heat source model. Within the Simufact Welding simulation software,
this combined heat source model is simplified. The plasma heat source situated above
the small hole exhibits a heat flow density that follows a Gaussian distribution, while the
columnar heat source below the small hole maintains a constant heat flow density. This
configuration can be represented by a uniformly distributed Gaussian cylindrical heat source
model. A schematic representation of the heat source model is illustrated in Figure 4.

Figure 4. Schematic of the laser welding heat source model.

The heat source model used for laser welding T-joints combines a Gaussian surface
heat source and an adaptive body heat source. The parameters for this model are as follows.
The radius of the column heat source is 0.22 mm, and its depth is 1.95 mm. The radius
of the surface heat source is 1.2 mm, with a depth of 0.1 mm. The cylindrical heat source
accounts for 86% of the total heat input, with an energy conversion efficiency of 19% [32].
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These parameters are calibrated for the specific laser welding conditions of the T-joint
configuration.

2.4. Thermophysical Parameters of Materials

The constant thermophysical property parameters of the 6056 aluminum alloy utilized
in this study are provided in Table 2 [33], which are crucial for accurately characterizing
the material’s behavior in the context of laser welding simulations. Furthermore, the
temperature-dependent variations of specific thermophysical properties for the 6056 alu-
minum alloy are described by Equations (1)–(3) [34]. These equations define the rela-
tionships for specific heat, thermal conductivity, and kinematic viscosity as functions
of temperature.

Table 2. Selected thermophysical property parameters of 6056 aluminum alloy.

Physical Quantity Expressed Symbol Unit Numerical Value

Solid phase density ρs kg·m−3 2720
Solid phase line temperature TS K 860

Liquid phase line temperature TL K 917
Latent heat of vaporization Lv J·kg−1 1.08 × 107

Coefficient of thermal expansion βk K−1 1.92 × 10−5

The mathematical expression for the variation of specific heat with temperature for
6056 aluminum alloy is:

Cp

(
J · kg−1

)
=

⎧⎪⎪⎨
⎪⎪⎩
−0.001 × T2 + 1.1609 × T + 267.71 T ≤ 573

0.0009 × T2 − 0.3901 × T + 514.45 573 < T ≤ 913

−0.0001 × T2 + 0.5832 × T + 435.14 913 < T

(1)

The mathematical expression for the variation of thermal conductivity with tempera-
ture for 6056 aluminum alloy is:

k
(

W · m−1 · K−1
)
=

⎧⎪⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎪⎩

0.0001 × T2 − 0.0697 × T + 95.334 T ≤ 860

−0.0048 × T2 + 9.2812 × T − 4275.6 860 < T ≤ 917

−0.00001 × T2 + 0.0582 × T + 148.74 917 < T ≤ 2740

−0.00001 × T2 + 0.085 × T + 71.111 2740 < T

(2)

The mathematical expression for the variation of kinetic viscosity with temperature
for 6056 aluminum alloy:

μ
(

kg · m−1 · s−1
)
=

⎧⎪⎪⎨
⎪⎪⎩

1 × 10−7 × T2 − 0.0002 × T + 0.1202 897 ≤ T ≤ 937

2 × 10−11 × T2 − 5 × 10−7 × T + 0.0038 937 < T ≤ 2650

−6 × 10−8 × T2 + 0.0003 × T − 0.4151 2650 < T ≤ 2720

(3)

3. Analysis of Results

3.1. Validation of the Heat Source Model for Numerical Simulation

Numerical simulation involves the use of computational methods to solve mathe-
matical models, thereby replicating experimental processes. Typically, discrepancies exist
between simulated and experimental results, requiring calibration of the heat source model.
The simulation in this study used the same parameters as those in Yang Zhibin’s experi-
ment [35]. Therefore, a comparison was made between the weld seam surface morphology
and melt pool morphology from both the experimental and simulated results, as shown in
Figures 5 and 6. In Figure 5, the left portion and in Figure 6, the upper portion represent the
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experimental results from Yang Zhibin, while the comparison in the figures corresponds to
the simulated results from this study.

Figure 5. Comparison between experimental and simulated weld seam cross-section.

Figure 6. Comparison between experimental and simulated melt pool.

Table 3 provides a quantitative comparison of the surface morphology parameters
for the weld cross-section and molten pool in the dual-side synchronous laser welding of
aluminum alloy T-joints. The experimental data obtained from Yang Zhibin’s work and the
simulated results from this study are in close agreement. The smallest relative error, 1.57%,
was observed for the molten pool length, while the largest relative error, 6.75%, was found
in the molten pool width. The average relative error across all parameters is 4.61%. These
values are within acceptable engineering tolerances, indicating a high degree of agreement
between the simulated and experimental results [36]. This consistency confirms that the
heat source model developed in this study is effective and reliable for simulating the laser
welding process of 6056 aluminum alloy T-joints.

Table 3. Comparison of weld cross-section and melt pool surface topography parameters.

Welding Depth/mm Melt Pool Length/mm Pool Width/mm

analog value 1.034 4.331 1.921
experimental value 0.980 4.400 2.060

relative error 5.51% 1.57% 6.75%

3.2. Bilateral Synchronous and Bilateral Asynchronous Laser Welding

To determine the most suitable laser welding method, a series of simulation exper-
iments were conducted using Simufact Welding software. The stability of the molten
pool and variations in melt depth for both bilateral synchronous and asynchronous laser
welding were compared and analyzed to identify the optimal approach [2].
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For these simulations, the laser power (P) was set to 1800 W, the welding speed (v)
to 3.8 m/min, and the ambient temperature (T) to 293.15 K. In the case of the bilateral
asynchronous laser welding, two welding robots were used. The first robot performed
welding on one side of the T-joint and paused for 50 s to allow the weldment to cool to
room temperature before the second robot welded the opposite side of the T-joint.

The schematic representations of the melt pool shape and weld depth, along with the
fusion depth curves for both welding methods at different time intervals, are shown in
Figures 7–10, where t represents the time interval after welding completion.

Figure 7. Melt pool at different time instances during double-sided synchronous laser welding.
(a) t = 0.1078 s; (b) t = 0.5286 s; (c) t = 0.8451 s; (d) t = 1.266 s.

Figure 8. Double-sided synchronous laser welding. (a) Schematic of weld penetration, (b) penetration
depth variation curve.
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Figure 9. Melt pool at different time instances during double-sided asynchronous laser welding.
(a) t = 0.1078 s; (b) t = 0.4243 s; (c) t = 1.266 s; (d) t = 1.475 s.

Figure 10. Penetration depth variation curve of double-sided asynchronous laser welding.

A comparison of experimental results indicates that the molten pool stability during
the bilateral asynchronous laser welding is inadequate, leading to poor control over melt
depth and increasing the likelihood of issues such as excessive melt depth or keyhole
closure. In contrast, the bilateral synchronous laser welding exhibits a more stable molten
pool shape.

Based on the data, the sample standard deviation of melt depth for the bilateral
asynchronous welding was calculated to be 0.0695, while for the bilateral synchronous
welding, it was 0.0981. These results suggest that the bilateral synchronous laser welding
provides a more stable process, with better heat distribution and improved precision in
controlling melt depth.

In summary, considering factors such as molten pool stability, melt depth control
accuracy, and overall joint quality, bilateral synchronous laser welding offers distinct ad-
vantages for welding aluminum alloy T-joints. Consequently, the subsequent experiments
in this study will adopt the bilateral synchronous laser welding method.

3.3. Orthogonal Experimental Design and Result Analysis of Single Stringer T-Joints

This study utilizes an orthogonal experimental design to evaluate the impact of
various parameter combinations on the distribution of welding stress and deformation,
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aiming to identify the optimal process parameter configuration. Through a review of the
literature, four key variables were identified for the orthogonal experimental design: laser
power, welding speed, fixture clamping force, and preheating temperature. Preliminary
simulations were conducted to establish the approximate ranges for these parameters,
resulting in the experimental conditions outlined in Table 4.

Table 4. Table of welding process factor levels.

Level A. Laser Power/W
B. Welding

Speed/(m·min)−1
C. Fixture Clamping

Force/N
D. Preheating

Temperature/K

1 1300 3.6 80 333.15
2 1400 3.8 100 353.15
3 1500 4.0 120 373.15

In this study, the four variables are denoted as A, B, C, and D, representing laser power,
welding speed, fixture clamping force, and preheating temperature, respectively. The levels
of these variables are numbered as 1, 2, and 3. For example, the combination A2B1C3D1
corresponds to a laser power of 1400 W, welding speed of 3.6 m/min, fixture clamping
force of 120 N, and preheating temperature of 333.15 K.

Using these four parameters, a standard orthogonal array, L9(34), was applied to
simulate the double-sided synchronous laser welding of single stringer T-joints. Following
the completion of the simulations, post-processing was conducted to extract the equivalent
stress and deformation values for each parameter combination, as shown in Table 5. Both
the equivalent stress and deformation were measured at the same sampling point on the
weld seam, 150 s after the welding process was completed.

Table 5. Orthogonal test program and test results.

Experiment
Number

A Laser
Power/W

B Welding
Speed/(m min)−1

C Fixture Clamping
Force/N

D Preheating
Temperature/K

Equivalent
Stress/MPa

Deformation
/mm

Case 1 1300 3.6 80 333.15 143.680 0.123
Case 2 1300 3.8 100 353.15 156.170 0.145
Case 3 1300 4.0 120 373.15 146.470 0.120
Case 4 1400 3.6 100 373.15 144.102 0.176
Case 5 1400 3.8 120 333.15 159.737 0.105
Case 6 1400 4.0 80 353.15 144.952 0.146
Case 7 1500 3.6 120 353.15 121.700 0.152
Case 8 1500 3.8 80 373.15 129.319 0.175
Case 9 1500 4.0 100 333.15 139.310 0.135

Range analysis is a commonly used method for analyzing data from orthogonal
experiments. By calculating the mean and range of experimental results at different levels
for each factor, the influence of each factor on the outcomes can be evaluated. By comparing
the R-values of different factors, the relative impact of each factor on the experimental
results can be determined. Typically, a larger R-value indicates a greater influence of that
factor. The basic calculation steps are as follows:

1. Calculate Ki:
Ki = ∑i

i=1(yi) (4)

2. Calculate ki:
ki =

Ki
N

(5)

3. Calculate R:
R = max(ki)− min(ki) (6)

where Ki represents the sum of all the experimental results for a given factor at a specific
level; yi represents the i-th experimental result for the given factor at that specific level;
ki represents the average of experimental results for the given factor at a specific level;
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N represents the number of experiments conducted at this level; and R represents the range
of the mean values for a given factor at different levels, indicating the degree of influence
that factor has on the experimental results.

The range analysis provides insights into the primary and secondary influencing fac-
tors for equivalent stress and deformation, as well as the optimal combination of parameters.
The results are shown in Table 6.

Table 6. Analysis of orthogonal test results.

Norm A B C D

Equivalent
stress/MPa

K1 446.32 409.482 417.951 442.727
K2 448.791 445.226 439.582 422.822
K3 390.329 430.732 427.907 419.891
k1 148.773 136.494 139.317 147.576
k2 149.597 148.407 146.527 140.941
k3 130.110 143.577 142.636 139.964

R 19.487 11.913 7.21 7.612

prioritize factors A B D C
preferred option A3B1C1D3

Deformation/mm

K1 0.388 0.451 0.444 0.363
K2 0.427 0.425 0.456 0.443
K3 0.462 0.401 0.377 0.471
k1 0.129 0.150 0.148 0.121
k2 0.142 0.142 0.152 0.148
k3 0.154 0.134 0.126 0.157

R 0.025 0.016 0.026 0.036

prioritize factors D C A B
preferred option A1B3C3D1

The trend graphs illustrating the relationship between each factor and equivalent
stress are presented in Figure 11, while Figure 12 displays the trend graphs correlating each
factor with deformation.

Figure 11. Trends of various factors with equivalent stress.
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Figure 12. Trends of various factors with deformation.

For multi-indicator orthogonal tests, it is essential to achieve a comprehensive balance
among the roles of various factors across different indicators to identify the optimal so-
lution. The comprehensive balance method typically adheres to four guiding principles:
consideration of the main influencing factors, the majority principle, minimizing losses
while enhancing efficiency, and prioritizing the primary indicators.

In accordance with these principles, the impacts of laser power, welding speed, fixture
clamping force, and preheating temperature on the equivalent force and total deformation
of the weld are analyzed comprehensively. The optimal combination of process parameters
is determined to be a laser power of 1500 W, a welding speed of 3.6 m/min, a fixture
clamping force of 120 N, and a preheating temperature of 333.15 K.

The cross-sectional morphology of the molten pool for orthogonal experiments, rang-
ing from Case 1 to Case 9, is illustrated in Figure 13. It is evident that the morphology
of the molten pool varies significantly across different levels of parameter combinations.
Burn-through defects are observed in Case 4, Case 7, and Case 8, primarily attributed to
the combination of higher laser power, slower welding speeds, and elevated preheating
temperatures. In the remaining cases, the molten pool morphology is satisfactory, with no
burn-through defects present, although slight variations in the depth of the molten pool
are noted.

The optimized parameter combinations at various levels obtained from the orthogonal
experiments are presented in Table 7. To validate the reliability of these optimized param-
eter combinations, simulation tests are conducted using the parameters listed in Table 7,
while maintaining all other conditions identical to those of the orthogonal experiments. The
resulting cross-sectional morphology of the molten pool is depicted in Figure 14, revealing
that under the optimized parameters, the cross-sectional morphology of the molten pool is
satisfactory, with no burn-through defects observed.
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Figure 13. Melt pool morphology of orthogonal test schemes. Figures (a–i) correspond to case 1 to
case 9.

Table 7. Table of optimization levels for each factor.

Factor A Laser Power/W
B Welding

Speed/(m min)−1
C Clamping

Force/N
D Preheating

Temperature/K

value 1500 3.6 120 333.15 K

Figure 14. Cross-sectional morphology of the molten pool with optimized parameter combinations.
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The variation curves of post-weld equivalent force and total deformation at the weld,
corresponding to the optimized parameter combination, are illustrated in Figure 15a,b.
At 150 s post-welding, the equivalent force at the weld is measured at 138.110 MPa,
while the deformation is recorded at 0.138 mm. A comparison with the orthogonal test
schemes indicates that, under the optimized process parameters, the post-weld equivalent
force and the amount of deformation are relatively minimal. These optimized parameter
combinations can be implemented in the actual welding process to achieve a more favorable
distribution of post-weld equivalent force and deformation, ultimately enhancing the
overall quality of the welded joints.

Figure 15. Variation curves of equivalent force and deformation at welded joints. (a) Equivalent force
(b) deformation.

3.4. Study of Welding Sequence of Three Stringer T-Joints

This study builds upon the optimized process parameters for single stringer T-joints,
which were derived from orthogonal tests. Using these optimized parameters, we further
investigate the impact of different welding sequences on post-weld equivalent stresses
and deformations in three stringer T-joints. The simulation model used for this analysis is
illustrated in Figure 16.

The primary focus of this section is to examine the effects of three distinct welding
sequences on the post-weld equivalent stresses and deformations of the T-joints, with the
specific sequences outlined in Table 8. The time interval between the welding of each
stringer is set at 3 s.
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Figure 16. Simulation model of three stringer T-joints.

Table 8. Stringer welding sequence table.

Welding Sequence 1 2 3

Case 1 stringer 2 stringer 1 stringer 3
Case2 stringer 1 stringer 3 stringer 2
Case3 stringer 1 stringer 2 stringer 3

The cloud plots illustrating the distribution of post-weld equivalent stress and total
deformation for the three welding sequences are presented in Figures 17 and 18, respectively.

Figure 17. Cloud plot of equivalent stress distribution.

As shown in Figure 17, the maximum post-weld equivalent stresses for the three
different welding sequences are 188.81 MPa, 188.99 MPa, and 188.78 MPa, respectively.
There is no significant variation in the values, indicating that the three welding sequences
have minimal impact on the magnitude and distribution of post-weld equivalent stresses.

In contrast, Figure 18 presents the maximum total post-weld deformations for the
three welding sequences, which are 0.95 mm, 1.70 mm, and 0.97 mm, respectively. The
welding sequence in Case 2, where the two outer stringers are welded first followed by the
center stringer, results in a noticeably higher total deformation compared to the other two
sequences. Conversely, the welding sequence in Case 1, where the center stringer is welded

20



Crystals 2025, 15, 299

first followed by the two outer stringers, shows the smallest total deformation, making it
the most optimal welding sequence.

Figure 18. Cloud plot of total deformation distribution.

A plausible explanation for this is that some deformation is inevitably generated
during welding. With an optimal welding sequence, such as Case 1, the deformation
produced during subsequent welding operations compensates for the deformation from
earlier stages. In contrast, a less effective welding sequence, such as Case 2, leads to the
accumulation of deformation from each welding stage, resulting in a significantly higher
total deformation after welding.

Therefore, it can be concluded that welding the center stringer first, followed by the
two outer stringers (as in Case 1), yields more favorable results. This sequence minimizes
both post-weld equivalent stress and total deformation, making it the optimal welding
order for three-stringer T-joints.

4. Conclusions

This study investigates the laser welding process of 1.8 mm-thick 6056 aluminum
alloy stringer and skin T-joints using Simufact Welding simulations. The findings highlight
the significant role of welding parameters and sequencing in determining post-weld joint
quality, with the following key conclusions:

1. Simulation Validation: The finite element simulation was validated with a maximum
error of 6.75% in the molten pool morphology, confirming its accuracy for further
analyses.

2. Melt Pool Stability: Bilateral synchronous laser welding demonstrated superior
molten pool stability compared to bilateral asynchronous welding, making it the
preferred welding method for this study.

3. Effect of Welding Parameters: Among the parameters tested, laser power significantly
influenced post-weld equivalent stress, showing a non-linear relationship. Preheating
temperature had a major impact on deformation, with a peak deformation reduction
at 333.15 K. The optimal welding parameters identified are a laser power of 1500
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W, welding speed of 3.6 m/min, fixture clamping force of 120 N, and preheating
temperature of 333.15 K.

4. Influence of Welding Sequence: While welding sequence had a minimal effect on
post-weld equivalent stress, it notably influenced deformation. The most effective
welding sequence involved starting with the middle stringer, followed by the two
side stringers, to minimize deformation.

These findings provide a foundation for optimizing welding processes in the manu-
facture of aluminum alloy T-joints, ensuring improved joint quality and performance.
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Abstract: The split-sleeve cold expansion technology is widely used in the aerospace industry,
particularly for fastening holes, to enhance the fatigue life of components. However, to ensure proper
assembly and improve surface integrity, reaming of the cold-expanded holes is necessary. This
study investigates the effects of cold expansion and reaming processes on the fatigue performance
of 7050-T7451 aluminum alloy. Fatigue tests, residual stress measurements, and microstructural
analyses of the hole edges were conducted on specimens with four different hole diameters after
cold expansion and reaming. It was found that the depth of reaming significantly affects fatigue life.
During the cold expansion process, the compressive residual stress formed around the hole effectively
improves fatigue performance. The experiments demonstrated that reaming by 0.2 mm to 0.4 mm
helps eliminate minor defects, thereby improving fatigue life. However, reaming beyond 0.5 mm may
lead to stress relief and the removal of dense grains at the hole edges, reducing fatigue life. Therefore,
determining the optimal reaming size is crucial for enhancing the reliability of aerospace fasteners.

Keywords: split-sleeve cold expansion; fatigue; reaming; aluminium alloy; residual stress

1. Introduction

With the advancement of the aerospace industry, the study of the reliability of flight
vehicles has become highly significant. Most connection methods for flight vehicles are
mechanical, such as riveted and bolted connections. The most critical parts of the aircraft
involve mechanical connections like rivets and bolts [1–3]. Parts that need frequent re-
placement, like wings and landing gear, are inevitably subjected to cyclic loads such as
mechanical vibrations and centrifugal forces [4,5]. Fatigue cracks can develop in fasten-
ing holes with stress concentrations, and fatigue damage originating from these holes is
the primary form of fatigue damage in aircraft [6,7]. The 7XXX aluminum alloy of the
Al-Zn-Mg-Cu is widely used in the aerospace industry due to its excellent mechanical
properties and is a key material in the study of metal fatigue properties [8]. Cold expan-
sion is now widely used in the aircraft industry, particularly for fastening holes [9–11].
In this technique, an oversized ball or mandrel is forced through the fastening holes to
locally yield the material, inducing a tangential compressive residual stress field around
the holes. This counteracts external loads and reduces stress concentration at the hole
edges, improving fatigue resistance [12]. It is generally recognized that cold expansion
is the most effective way to improve fatigue resistance. Compressive residual stresses
introduced during cold expansion are widely recognized for extending the fatigue life of
hole structures [13–15]. Cold expansion methods have been developed over the last decade,
with the main techniques being direct cold expansion and split-sleeve cold expansion. The
open-seam cold expansion method significantly reduces damage to the hole wall, maintains
the correct radial expansion, and allows access from either side [16,17]. Cold expansion
of split-sleeve has been widely used to extend the lifespan of fasteners in aircraft [18–21].
Cold expansion of the split-sleeve leaves a ridge in the hole wall after expansion due to
cracks in the split-sleeve [19]. The plastic deformation is not axisymmetrically distributed
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around the hole, and cracking may occur, usually near the crack in the sleeve [22]. In order
to avoid material defects caused by the convex ridge after cold expansion and to ensure
proper assembly of the fastener, the fastening holes are usually treated with a reaming
process [23].

The principle of cold expansion to improve fatigue life is relatively complex, and many
scholars have studied the factors and mechanisms involved. Yan et al. [24] conducted
experimental studies showing that the cold expansion of split-sleeve resulted in a 1.5 to
3 times increase in the lifespan of TC4 titanium alloys. Li et al. [25] investigated residual
stresses around the holes of 7050 aluminum alloy plates at different expansion rates, finding
that maximum residual stresses occurred at a 4% expansion rate. Wang et al. [26] found that
cold expansion can form gradient fine grains on the hole surface, inhibiting fatigue cracking.
Yang et al. [27] found that cold expansion causes a hardened layer to form around the hole,
with hardness decreasing up to 450 μm from the hole. Tang et al. [28] proposed a two-scale
modeling approach combining the macro-scale cyclic ontology model with crystal plasticity
theory, finding that residual stress and the plastic layer together determine the onset. The
cold-expanded holes need to undergo a reaming process before they can be put into service.
Reaming removes minor defects on the hole edges caused by cold expansion and adapts
the fasteners accordingly. Liu et al. [29] analyzed through simulation that the fatigue life of
cold-expanded holes increases with greater reaming depth. Alexandre et al. [30] analyzed
the change in the stress state of the hole during reaming. However, there is a lack of
research on the experimental study of the fatigue life of reamed holes after cold expansion,
the changes in surface integrity, and the reasons for decreased fatigue resistance due to
oversize reaming.

This paper investigates the 7050-T7451 alloy to study the effects of the reaming process
on cold-expanded plates with holes. Four different diameters of cold-expanded holes
were reamed to varying depths. Fatigue tests were conducted to assess the impact of
different reaming sizes on the fatigue life of these holes. Scanning electron microscope
(SEM) analysis examined the microscopic fracture morphology of specimens with varying
fatigue lives under different conditions. Electron Backscatter Diffraction (EBSD) analyzed
local deformation in reamed and unreamed holes after cold expansion, aiming to reveal the
relationship between reaming behavior and fatigue life at the microscopic level. Residual
stress before and after reaming was measured using X-ray diffraction. The study identified
variations in fatigue life at different reaming depths, the effect of reaming on crystal
refinement after cold expansion, and changes in residual stress distribution. These findings
provide important guidance for the installation of fasteners in aircraft.

2. Materials and Methods

2.1. Experimental Materials

The experimental material selected for this study is 7050-T7451 aluminum alloy, part
of the Al-Zn-Mg-Cu series, widely used in aerospace applications [8]. Its chemical compo-
sition and main mechanical properties are shown in Tables 1 and 2. The tensile properties,
determined by an INSTRON 8801 (Instron, Norwood, MA, USA) electronic universal test-
ing machine, are illustrated in Figure 1. The alloy is supplied as a 10 mm thick sheet and
is designed according to the Chinese standard HB/Z 170-2005 [31] for the cold expansion
process of aerospace metal parts. Fatigue specimens with holes are shown in Figure 2,
featuring four hole diameters: 4.3 mm, 5.3 mm, 7.18 mm, and 11.1 mm. A split-sleeve
from a domestic company was used in this experiment. The sleeve material is 301 stainless
steel, with localized material 12Cr7Ni7 as per GB/T 3280-2015 [32]. The thickness of the
split-sleeve used for cold expansion is 0.152 mm for Figure 2a,b, 0.203 mm for Figure 2c, and
0.256 mm for Figure 2d. The cold expansion technique described in this paper involves the
cold expansion of a split-sleeve; the cold expansion process and cold-expanded specimens
as shown in Figure 3. The split-sleeve is secured in the hole, with a mandrel positioned at
the center. The mandrel is swiftly pulled through the end of the hole to generate residual
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stresses. After removing the mandrel and split-sleeve, the hole is reamed at a machining
center to achieve the required diameter for the experiment.

Table 1. Chemical composition of 7050-T7451 aluminum alloy.

Elements Si Zn Mg Cu Fe Mn Cr Zr Al

Wt.% 0.03 6.02 2.31 2.04 0.11 0.003 0.009 0.1 Rest

Table 2. Mechanical properties of 7050-T7451 aluminum alloy.

Density ρ

(kg/m3)

Young’s
Modulus E

(Gpa)

Poisson’s
Radio ν

Tensile
Strength σb

(MPa)

Yield Strength σs
(MPa)

Elongation A
(%)

Fracture
Toughness KIC

(MPa·m1/2)

2830 70.3 0.33 564.7 479.4 13.3 30

Figure 1. Stress–strain curve of 7050-T7451 aluminum alloy.

Figure 2. Fatigue specimen size with different hole diameters: (a) 4.3 mm, (b) 5.3 mm, (c) 7.18 mm,
(d) 11.1 mm.

27



Crystals 2024, 14, 803

Figure 3. (a,b) Cold-expanded specimens and the illustration of the split-sleeve cold expansion
process.

2.2. Fatigue Test

To compare the effects of different reaming depths on the fatigue life of cold-expanded
7050-T7451 aluminum alloy plates, various specimens were cold-expanded with approxi-
mately 4% expansion. The expansion E was calculated as follows:

Er =
(D0 + 2d)− D

D
(1)

In the equation, D0 is the diameter of the cold-expanded mandrel, D is the diameter
of the initial hole before expansion, and d is the thickness of the split-sleeve. The extrusion
rate is calculated in Table 3.
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Table 3. The size of the cold expansion tool and cold expansion rate.

Initial Diameter
(mm)

Mandrel Diameter
(mm)

Split-Sleeve
Thickness

(mm)

Expansion Ratio Er

(%)

4.3 4.17 0.152 4.04

5.3 5.21 0.152 4.03

7.18 7.06 0.203 3.98

11.1 11.04 0.253 4.01

The specimens of each size were reamed with five different final hole diameters and
each reaming depth was equipped with four experiments. The fatigue tests were carried
out on INSTRON 8801. The uniaxial fatigue tests were performed with constant load
amplitude, sinusoidal loading Stress ratio R = 0.1, stress amplitude 108 MPa, and loading
frequency 50 Hz. The experimental matrices for fatigue tests are given in Table 4.

Table 4. Parameters of fatigue specimens with different initial and final hole diameters.

Specimen
Quantity

(PCS)

Initial
Diameter

(mm)

Expansion
Ratio Er

(%)

Final Diameter
(mm)

Load Spectra
Stress Amplitude

(MPa)
Stress Ratio R

A1-01 4 4.3 4.04 4.6 108 0.1

A1-02 4 4.3 4.04 4.7 108 0.1

A1-03 4 4.3 4.04 5.0 108 0.1

A1-04 4 4.3 4.04 5.2 108 0.1

A1-05 4 4.3 4.04 5.4 108 0.1

A2-01 4 5.3 4.03 5.4 108 0.1

A2-02 4 5.3 4.03 5.9 108 0.1

A2-03 4 5.3 4.03 6.1 108 0.1

A2-04 4 5.3 4.03 6.3 108 0.1

A2-05 4 5.3 4.03 6.5 108 0.1

A3-01 4 7.18 3.98 7.6 108 0.1

A3-02 4 7.18 3.98 7.8 108 0.1

A3-03 4 7.18 3.98 8.0 108 0.1

A3-04 4 7.18 3.98 8.2 108 0.1

A3-05 4 7.18 3.98 8.4 108 0.1

A4-01 4 11.1 4.01 11.7 108 0.1

A4-02 4 11.1 4.01 12.0 108 0.1

A4-03 4 11.1 4.01 12.3 108 0.1

A4-04 4 11.1 4.01 12.6 108 0.1

A4-05 4 11.1 4.01 12.9 108 0.1

A1-00 4 4.3 0% 4.3 108 0.1

A2-00 4 5.3 0% 5.3 108 0.1

A3-00 4 7.18 0% 7.18 108 0.1

A4-00 4 11.1 0% 11.1 108 0.1
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2.3. Characterization

An Electron Backscatter Diffraction (EBSD) system was used to observe the microstruc-
ture near the pore walls of specimens after cold expansion without reaming, as well as
those cold-expanded and then reamed to 5.0 mm. The EBSD samples were prepared by
vibratory polishing with silica suspension, and the data were analyzed using HKL-Channel
5 software. A scanning electron microscope (SEM, SU5000, HITACHI, Hitachi, Japan)
was used to analyze the fracture after the fatigue test. X-ray diffraction was employed to
measure eight points along the radial direction starting from the hole edge, with intervals
of 0.5 mm, using a Cr-Kα X-ray source (wavelength λ = 2.291 Å).

3. Results and Discussion

3.1. Fatigue Life Behavior

In the study by Alexandre et al. [30], the reaming process of cold-expanded holes
was simulated. However, the modeling strategy did not consider the thermal effects
during reaming, focusing solely on the impact of material removal on the stress state of
the part. As a result, there is still a deviation from real experimental conditions. This
paper investigates the relationship between reaming size and fatigue life through extensive
fatigue experiments. The cold expansion specimen after fatigue testing is shown in Figure 4.

Figure 4. Cold expansion specimens with different initial hole diameters after fatigue testing:
(a) 4.3 mm; (b) 5.3 mm; (c) 7.18 mm; (d) 11.1 mm.
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Figure 5 shows the fatigue life of four different sizes at various final hole diameters.
Initially, the fatigue life increases with the reamed size, consistent with the research results
of Liu et al. [28]. The trend was similar for specimens with initial hole diameters ranging
from 4.3 mm to 11.1 mm. The specimen with an initial hole diameter of 4.3 mm has the
highest fatigue life when reamed to 4.8 mm to 4.9 mm; the specimen with an initial hole
diameter of 5.3 mm has the highest fatigue life when reamed to 5.7 mm; the specimen with
an initial hole diameter of 7.18 mm has the highest fatigue life when reamed to 7.6 mm;
and the specimen with an initial hole diameter of 11.1 mm has the highest fatigue life
when reamed to 11.8 mm. However, as the reamed hole diameter continues to grow, the
fatigue life then decreases. This may be because the reaming process removes the fine-grain
hardened layer formed by cold expansion, reducing the material’s strength at the hole
edge and making fatigue cracks more likely to propagate. Additionally, if the reaming size
is too large, it can damage the hole edge plastic layer, reducing constraint in the deeper
elastic deformation layer. This weakens the residual stress field’s strength, diminishing its
positive effect on fatigue life.

Figure 5. Fatigue life of specimens with different initial hole diameters after being reamed to different
final hole diameters: (a) 4.3 mm, (b) 5.3 mm, (c) 7.18 mm, (d) 11.1 mm.

In Figure 6, the fatigue life of the reamed specimen with the optimal reamed dimension
is compared to that of the untreated specimen. It can be observed that the fatigue life of the
properly reamed cold-expanded specimen is approximately 4.4 to 8.7 times higher than
that of the untreated specimen.
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Figure 6. Fatigue life of optimally reamed size specimens and uncold-expanded specimens.

3.2. Observation of Port Morphology

A specimen with an initial hole diameter of 4.3 mm was selected, and microelectron
microscopy fracture analysis was performed on the uncold-expanded specimen, the spec-
imen reamed to 4.8 mm after cold expansion, and the specimen reamed to 5.0 mm after
cold expansion.

Figure 7 illustrates the typical fracture morphology of the uncold-expanded specimen,
which has a fatigue life of 26,500 cycles. The crack initiation point, indicated by an arrow
in Figure 7a, shows that the specimen failed in a multi-source fatigue mode. The fatigue
crack originated from machining marks and spread from the middle surface of the hole
wall. In Figure 7b, the crack initiation zone is clearly visible, along with the crack extension
and transient fracture zones. The fatigue expansion zone, shown in Figure 7c, is relatively
flat with numerous fatigue bands spaced about 3.14 μm apart. Compared to the crack
extension zone, the transient fracture zone is rugged and irregular. As the fatigue crack
grows, the effective bearing area decreases, leading to specimen failure after reaching tensile
strength. This accounts for about three-fourths of the fracture surface, with numerous
plastic deformation features visible in this region, as shown in Figure 7d.

Figure 8 shows the fracture morphology of a specimen cold-expanded and reamed
to 4.8 mm, with a fatigue life of 213,400 cycles. The crack extension zone is larger than
in uncold-expanded specimens due to residual stresses. The crack originated at the hole
entrance, where residual stress reinforcement is minimal, consistent with most studies [4,27].
Tire indentation marks, shown in Figure 8c, indicate effective involvement of compressive
residual stresses in the fatigue process. The fatigue strip spacing is about 1.64 μm. The area
of the transient fracture zone is compressed, with numerous plastic deformation dimples,
as shown in Figure 8d.

Figure 9 depicts the fracture morphology of a specimen reamed to 5.0 mm, with a
fatigue life of 90,100 cycles. Compared to the 4.8 mm specimen, this specimen shows
more crack initiation sources, not originating at the hole entrance. The expansion zone
is shorter, and the transient fracture zone is larger, covering more than one-third of the
area, with an average fatigue band spacing of about 2.04 μm. The fatigue expansion rate is
higher for the 5.0 mm specimen than for the 4.8 mm specimen, but still lower than that of
uncold-expanded specimens. This suggests that larger reaming sizes increase fatigue crack
growth rates, highlighting the need to carefully consider reaming depths.
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Figure 7. Fracture morphologies of uncold-expanded specimens: (a) overall morphology of the port,
(b) crack source, (c) amplified area of the crack source, (d) transient fracture area.

Figure 8. Fracture morphologies of specimens reamed to 4.8 mm after cold expansion: (a) overall
morphology of the port, (b) crack source, crack extension zone, (c) tire indentation in the crack
extension zone, (d) instantaneous fracture zone.
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Figure 9. Fracture morphologies of specimens reamed to 5.0 mm after cold extrusion: (a) overall
morphology of the port, (b) crack source, crack extension zone, (c) amplified area of the crack source,
(d) instantaneous fracture zone.

3.3. EBSD Analysis

In this analysis, we examined two specimens. One was cold-expanded with an initial
hole diameter of 4.3 mm without reaming, and the other was cold-expanded with an initial
hole diameter of 4.3 mm and then reamed to 5.0 mm. Both specimens were analyzed using
EBSD. Figure 10a,d show the inverse pole figures (IPF) before and after reaming. Figure 10a
indicates that strong crystal refinement formed in the hole wall after cold expansion, with
a layer of about 20 μm. It is widely believed that these refined crystals can prevent crack
propagation, as cracks must traverse longer paths through the grains, reducing the rate of
crack extension [33]. However, this phenomenon disappears after reaming, as shown in
Figure 10d, where the crystal refinement layer has been removed. Since the depth of the
reaming is much greater than that of the crystal refinement layer, it also removes the ridges
of the cold-expanded holes, giving them a more regular shape.

The plastic deformation of the hole is evaluated by the kernel average misorientation
(KAM) shown in Figure 10b,e. Significant plastic deformation is observed around the hole
after cold expansion, with a deformation layer of about 360 μm. As the hole wall expands
outward, the inner material layer deforms more, reaching the yield strength first, while the
deeper layer does not reach yield strength but is restrained by the plastic layer, forming
residual stresses [25]. In the specimen reamed to 5.0 mm, only a thin layer of deformation
remains, which is due to the reaming process, confirming that excessive reaming harms
the plastic deformation layer, reducing the constraint on residual stresses and thereby
diminishing their beneficial effect on fatigue life.
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Figure 10. Inverse pole figure, local misorientation average angle map, and grain boundary map of
(a–c) specimen cold-expanded without reaming and (d–f) specimen cold-expanded and reamed to
5.0 mm.

The crystal orientation and grain boundary diagrams are shown in Figure 10c,f. Ori-
entation deviations between 2 and 15◦ are indicated by black lines, and those above 15◦
by red lines. The crystal refinement at the hole edges is evident before reaming, but not
after. Excessive reaming destroys the crystal refinement layer formed by cold expansion,
reducing the fatigue strength of the cold-expanded holes, similar to the findings of Dang
et al. [34].

Proper evaluation of the depth of the crystal refinement crystal layer and plastic
deformation layer formed around the hole during the cold expansion process is crucial for
determining the optimal reaming amount. Wang et al. [26] found that cold expansion of
7075-T6 aluminum alloy with a 4% expansion resulted in a plastic layer about 1200 μm
thick. In contrast, Wang et al. [4] observed that cold expansion of TC4 titanium alloy with a
2% expansion formed a much thinner fine-grained layer. Other studies [35,36] observed
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varying depths of the plastic deformation layer depending on the material and expansion
amount. Accurately predicting this thickness is key to guiding reaming dimensions.

3.4. Residual Stress Analysis

Figure 11 shows the distribution of residual stresses along the radial direction for the
cold-expanded specimen with an initial hole diameter of 7.18 mm for the unreamed and
reamed to 8.4 mm specimens. It can be observed that the intensity of compressive residual
stresses in the plate reamed to 8.4 mm is lower than that of the unreamed specimen. The
maximum compressive residual stress of the unreamed specimen is 252 MPa, while the
maximum residual stress of the specimen reamed to 8.4 mm is only 150 MPa.

Figure 11. Residual stress distribution in reamed and unreamed specimens after cold expansion.

In the study by Liu et al. [29], it was also found by finite element simulation that the
residual compressive stress decreases with the increase in reaming amount. The reason
for the decrease in residual stress may be that the reaming size is too large, which reduces
or even completely disappears the plastic zone, resulting in the loss of constraints on the
residual stress in the plastic zone. The measurement of the residual stresses also confirms
the conjecture that the high reaming depth in the fatigue test leads to a reduction in fatigue
life. After the residual stresses generated by cold expansion are released, the fatigue gain
effect of the residual stresses on the fastening holes is reduced, resulting in the reduction of
the fatigue life of the over-reamed specimens with holes.

4. Conclusions

This study investigated the effect of the reaming process on cold-expanded holes by
reaming cold-expanded plates with four different hole diameters. By analyzing fatigue life,
fracture morphology, microstructure, and residual stress under various reaming conditions,
the following conclusions were drawn:

1. Fatigue testing after approximately 4% cold expansion of plates with four different
sizes of perforations showed that fatigue life first increases and then decreases with
greater reaming. This conclusion applies to apertures ranging from 4.3 mm to 11.1 mm.
The maximum fatigue life was about 4.4 to 8.7 times higher than that of the uncold-
expanded plate. Excessive reaming results in a significantly smaller crack extension
zone in the fatigue specimen, weakening its ability to withstand fatigue.
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2. Cold expansion forms a dense grain structure around the hole, creating a crystal refine-
ment layer of approximately 20 μm. Because the height of the convex ridge is much
greater than its depth, the reaming process removes this crystal refinement layer.

3. A plastic deformation layer forms at the hole wall, constraining residual stresses
in the deeper layers. The reaming process disrupts this plastic layer, releasing the
residual stresses. The extent of this effect depends on the reaming depth. Proper
assessment of the plastic deformation layer’s depth, formed by cold expansion, is
crucial in determining the optimal reaming amount.

4. Reaming the cold-expanded plate reduces radial residual stresses around the hole
by up to 102 MPa compared to the unreamed plate, due to the loss of stress restraint
by the innermost plastic layer. This reduction in residual stresses also decreases the
fatigue resistance of the cold-expanded split-sleeve.
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Abstract

Aluminum spot welding is extensively applied in automotive, aerospace, and rail sectors
due to its favorable strength-to-weight ratio. While resistance spot welding (RSW) has been
the traditional method, its high residual stresses, electrode wear, and limited performance
with high-strength aluminum alloys have driven interest toward alternative techniques.
Friction stir spot welding (FSSW) offers significant advantages over RSW, linear friction
welding (LFW), and hybrid processes, including solid-state joining that minimizes porosity,
lower energy consumption, and the elimination of consumable electrodes. Compared
to LFW, FSSW requires simpler fixturing and is more adaptable for localized repairs,
while offering superior joint surface quality over hybrid laser-assisted methods. Despite
these advantages, gaps remain in understanding the influence of process parameters on
heat generation, microstructural evolution, and mechanical performance. This review
consolidates advancements in tool design, thermal characterization, and weld property
for aluminum alloys. It presents comparative insights into temperature distribution, weld
strength, hardness variation, and metallurgical transformations reported across studies. By
critically synthesizing the earlier works, this work identifies knowledge gaps and potential
design improvements, aiming to support the development of more efficient and robust
FSSW processes for industrial application.

Keywords: friction stir spot welding; FSSW tool; temperature variation; microstructure;
ultimate tensile load

1. Introduction

After the development by The Welding Institute, UK Friction stir welding (FSW) has
been established as the most innovative and highly effective solid-state welding process
to join the materials without melting them. In the FSW process, a non-consumable is
used which rotates to generate a sufficient amount of heat due to the friction between
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the tool and workpiece metals. As the tool travels between the two metal pieces, stirring
action takes place on the heated softer material. The tool pin is mainly responsible for the
stirring effect [1], allowing the materials of both the metal parts to be mixed and become
fused into one another, and after cooling, it behaves like a mechanical locking. A strong
defect-free joint is produced by the FSW process, which has been becoming more popular
as a preferred method in the fields of aerospace, automotive, and shipbuilding, mainly for
the softer metals like aluminum and other lightweight metals. The FSW process has certain
advantages over the traditional fusion welds. It is one of the green welding processes due
to its energy-efficient process and non-involvement of fumes like the fusion welds. As a
solid-state welding process, FSW has the potential to eliminate the common issues of the
traditional welding processes like the porosity, heat-inducted cracks, and residual stresses,
thus producing strong superior high-quality welding.

Friction stir spot welding (FSSW) has been introduced as a variant of traditional
friction stir welding [1–3] which is mostly used for lap joining, as shown in Figure 1,
without the translation of the welding tool [4]. It is also a modification of friction stir
welding to replace resistance welding or riveting or any other welding joints [5] as FSSW
has excellent potential as an alternative to rivet joints and resistance spot welding. The
schematic of the friction stir spot welding is shown in Figure 1.

 

Figure 1. Schematic representation of friction stir spot welding (FSSW).

The traditional resistance spot welding (RSW) is also widely used in the automotive
industry; however, RSW can produce larger distortion and is susceptible to cracking. In
the case of aluminum and other lightweight alloys, traditional RSW generates extensive
amount of heat which affects the materials in and around the spot. On the other hand, the
FSSW process does not require any filler material which is the same as the RSW process and
it does not produce any hard full emission. Sound joints can be produced by controlling
the process parameters such as tool rotational speed, plunge depth, tool shape, and dwell
time. Though the FSSW process is less effective for the thicker materials, the FSSW process
has the potential to reduce the defects seen in the RSW process.

In recent years, FSSW has been commonly used in automobile, aviation, and aerospace
fields, and a lot of industrial and commercial applications [6–10]. To maximize the appli-
cation of FSSW and to minimize the defects, a different derivative of FSSW [11–25] such
as refill FSSW is also being applied [26,27]. Though recent study shows that the joining
of high-temperature similar and dissimilar alloys is possible through friction stir weld-
ing [10–26], the majority of FSW and FSSW is used for the lighter materials. Thinner plates
joined by the fusion welds tends to become distorted, and therefore, makes it difficult to
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use. Tailor-made blanks are used in automatics to use lighter metal parts. Thinner plates of
lightweight materials like aluminum can be joined very easily by the FSSW process, thus
making FSSW a potential candidate for the automotive industries. Lighter material parts
can help to reduce the overall weight of the motor vehicle and can increase fuel economy. In
fact, unlike the fusion welds, FSSW is a clean and green weld without having any fumes or
gases. Typically, there are three stages in a friction stir sport welding process: the plunge-in
stage, stirring or welding stage, and lastly, the out stage. Figure 2 shows the different stages
of the FSSP processes.

Figure 2. A schematic of the different stages of the friction stir spot welding process.

The automobile industries have also started to use this process to reduce emissions
and to improve fuel economy since the characteristics of aluminum alloys (low density,
high strength, high ductility) make them the right candidate for it [28]. Moreover, this
method is also used for the overlap joining of aluminum alloys which are unable to weld
by traditional techniques [3]. With fusion welding of aluminum alloys, several weld defects
such as porosity and cracking can be observed which is usually caused by the generated
heat that supports the joints of the metals, later resulting in micro segregation of the alloying
elements [29].

The amount of heat generated around the pin can be controlled by optimization
of the process parameters of FSSW such as rotating velocity, dwell timing, and plunge
depth [8,30,31]. With the increasing tool rotational speed and dwell timing, a better tensile
shear strength can be observed, which is directly correlated to weld strength and weld
width [32]. Due to the presence of a pin in most of the FSSW processes, a keyhole is
generally present, which is considered a disadvantage, which is why researchers are trying
to alleviate this defect by using pinless or problem tools [33]. Researchers like Vacchi
et al. [34] have tried to modify the existing FSSW mechanism and proposed a novel method
of spot welding. The traditional FSSW is modified to a novel method named refill friction
stir spot welding (RFSSW). The new method has prompted a microstructure refinement
and enhanced corrosion behavior [34]. Moreover, it is possible to achieve an optimum
weld strength for welded lightweight alloys by selecting appropriate weld parameters for
the material combination and adopted tool geometry [35–37]. Thus, the FSSW process is
applicable for a favorable microstructure with a minimal number of defects in the case of
aluminum alloys [38]. The advances on aluminum alloys help in predicting the promising
future of FSSW applied to aluminum alloys. Along with the traditional FSSW works, the
micro-friction stir spot welding of aluminum alloys has also been reported [39,40].

Spot welding plays a major role in joining thinner material parts in various industries;
therefore, critical study and understanding of developments in friction stir spot welding
(FSSW) is the only focus of this work. This review encapsulates the recent research outcomes
and advancements of FSSW, underlining its potential for future applications. Through
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examination, various tools used for FSSW are being discussed and considered as one of the
important parameters to decide the welding quality. In this study, results of various authors
were discussed and compared at different parameters like dwell time and spindle speed.
The comparative analysis of the results gives a clear and comprehensive understanding
of the range of resulting temperature gain, microstructural changes, hardness value at
the welding zone, and ultimate tensile strength at different welding parameters. Finally,
the objective is to extant a complete impression of the recent progress made in FSSW of
aluminum alloys, highlighting the technological spreads and thereby promising a future
direction for FSSW in this domain.

The performance of FSSW is highly dependent on key process parameters such as
tool rotational speed, plunge depth, dwell time, and tool geometry. Proper control of
these parameters can significantly influence the heat generation, material flow, and final
microstructure of the weld zone. In particular, the design and material of the tool are
critical in determining weld quality. Various sections of this review delve into these aspects,
starting with the types of tools used in FSSW, followed by an overview of commonly used
tool materials including tool steels and polycrystalline cubic boron nitride (PCBN) and
their influence on temperature distribution, material flow, and joint strength.

This review compiles and analyzes the latest developments in FSSW of aluminum
alloys, focusing on the correlation between tool design, mechanical response, and mi-
crostructural evolution. By synthesizing results from different studies, the review aims
to provide a comprehensive understanding of the FSSW process and highlight promising
directions for further research and industrial application. The novelty of this review lies
in its comprehensive correlation of tool design, process parameters, and microstructural
evolution in FSSW of aluminum alloys, alongside a critical synthesis of recent findings on
mechanical behavior, emerging tool materials, and design guidelines, which have not been
collectively analyzed in the prior literature.

2. Tools Used in FSSW

In the FSSW process, the rotating tool is usually plunged with force into the overlap-
ping sheets or plates, and then it is pulled out after a dwell time [41]. The FSSW process
utilizes heat as well as frictional deformation to create a good weld joint between the
workpiece and tool, causing plastic deformation [33]. Due to this, the metals become joined
below the melting point of the base material. With FSSW being a variant of the FSW process,
the tools used for FSW are useable for FSSW as well. Figure 3 shows the basic terminology
of the FSSW tool.

2.1. Common Tool Materials

The tools used for FSSW usually undergo high temperatures and severe stress [42]. In
these case, the characteristics of the material decay gradually, and the tool life decreases for
the whole process [43]. Therefore, for selecting the tool material, the workpiece material
and tool life is considered to be the critical factor. Moreover, the user’s preference and
experience can also play an essential role in selecting the tool to weld [44]. Since aluminum
alloys do not produce that much tool wear, in such cases steel tools can be used. But
materials which are having high melting points such as steel, titanium, or metal matrix
composites (MMC) usually wear out in such a way that it can be a matter of worry in
certain circumstances [45]. For obtaining a high-quality weld joint with friction stir spot
welding, it is mandatory to select the best tool material. The other properties which are
considered for the tool material selection include wear resistance, low coefficient of thermal
expansion, and no detrimental reaction with the parent metal [43,46].
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Figure 3. A schematic diagram of the FSSW tool.

2.2. Tool Steel

Steel tools are usually used for welding of aluminum or magnesium alloys and
aluminum matrix composites (AMC) [45,47–55]. Tool steel can weld up to a thickness of
50 mm in materials like aluminum and magnesium alloys [46]. This type of tool material
has also been used for both lap and butt welding of dissimilar alloys or materials [44,56–63].
The types of steel tools used for different alloys are given in Table 1.

Table 1. Different types of steel tools used for different materials of joining.

Materials for Joining
Thickness of the Joined

Material
Tool Material

6061-T6 Al and AISI 1018 mild steel [17,21,64] 6 mm H13
AA2011 and AA6063 alloy [13,65,66] 10 mm HSS

AA5083-H111 Al alloy [67] HCHCr
AA6082 and AA2024 [26,68] 4 mm C40

Commercial grade Al alloys [69] 6 mm SS310
AA5754 and C11000 copper [70,71] 3.175 mm H13

The best tool material for welding Al-Mg and low-carbon steel is steel, and to avoid
excessive tool wear, the softer plate is placed on top of the steel plate for lap welds. In
butt joint configuration, cold-worked X155CrMoV12-1 steel tool has been used for joining
99.5% pure Cu with CuZn30 brass with the help of friction stir spot welding [63]. Moreover,
for successful welding of Al 6061 + 20% Al2O3 aluminum matrix composite and Al 359
+ 20% SiC aluminum matrix composite, oil-hardened (62 HRC) tool steel has been used
as a tool material [48,51]. Some investigations have shown that while performing FSSW
on AMCs at first, the tool wear gets a self-optimized shape, but later on, it gets much less
conspicuous [48,51,72]. But the increase in total wear has been observed with the increase
in rotational speed [48,51]. Different types of materials such as stainless steel (SS), high-
carbon high-chromium steel (HCHCr), high-speed steel (HSS), H13, and C40 have been
used as tool material for tool steel to follow joining methods of friction welding [44,73,74].
Figure 4 shows the schematic diagram and photographs of the FSSW tools made of H13
and HCHCR-D2 tool materials.
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Figure 4. (a) Cylindrical tools made of H13 and HCHCR-D2; (b) schematic of the tool [75].

Among these types of steel tools, HCHCr (high-carbon high-chromium steel) has the
highest wear resistance. Another type, H13 (H13 chromium hot-work steel is widely used in
hot and cold work tooling applications) has 5% of chromium in its material composition [75].
This steel tool is combined with red hardness along with shock and abrasion resistance.
High-chromium stainless steel (HCSS) is specialized with high corrosion-resisting capacity.
On the other hand, HSS, which is a high alloy grade tool, usually has high wear resis-
tance capability. The quality of the steel tool relies on the heat treatment process they go
through [44]. Table 2 depicts the chemical composition of a few steel tool materials.

Table 2. Composition of tool materials [75–78].

Steel Type %C %Ni %Mn %Cr %Si %Mo %W %Cu %V

H13 0.45 0.30 0.50 5.25 1.20 1.75 - 0.25 1.20

HCHCr-D2 1.5 0.45 12.00 0.30 0.9 - 1.00

C40 0.37–0.44 0.4 0.5–0.8 0.4 0.4 0.1 - - -

HSS 0.87 0.26 3.99 4.61 5.83 1.76

SS310 0.25 19.0–22.0 2.00 24.0–26.0 1.50

2.3. PCBN Tools

PCBN or polycrystalline cubic boron nitride and polycrystalline diamond (PCD) are
mostly used as super abrasive tool materials. Small crystals of ultra-hard material such as
diamond or CBN are both present in PCBN and PCD. For the formation of the matrix, those
small crystals bond together with a second-phase material in a skeletal matrix to serve as a
catalyst [79–82]. With the purpose of machining and turning super alloys, cast iron, and
tool steel, this tool was initially developed. But now, because of its high mechanical and
thermal activities, the PCBN tool is well accepted in friction welding [43]. Furthermore,
PCBN is the most used tool for materials like steels and Ti-alloys because of its temperature
stability, hardness, and high strength at an exalted temperature [81,83–92].

Studies show that boron nitride has two sorts of crystal structures. One of them is
hexagonal, and the other one is cubic. Following a similar process of producing diamonds
from graphite, the cubic form is prepared. For preparing this, the hexagonal version is
subjected to high temperature and pressure. Even the carbon itself has lesser thermal
and chemical stability than this cubic form, and only diamonds can compete with it in
hardness. It has been reported that the chemical inertness of this phase can be compared
with iron [93] and can go up to 1573 K [91,94]. Mechanical properties like high thermal
conductivity are responsible for the development of the design of liquid-cooled tools as well
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as for not generating hot spots on the tool [95]. Without the requirement of any binder, the
single-phase cubic boron nitride (CBN) can be achieved with the best mechanical properties.
Commercially, it is possible to obtain such material for which hexagonal boron nitride
should be sintered at high pressure (6–8 Gpa) and temperature (1773–2673 K) [91,96,97]. At
ambient temperature, the fracture toughness with a grain size that is in the range of 2–12 μm
showed a Young’s Modulus and shear modulus of 900 GPa and 405 GPa, respectively [96].

A ductile-to-brittle transition can be seen when CBN mixes with the binders, where
the transition temperature can be in the range of 1323–1423 K [98]. Studies show that, after
running experiments on PCBN as a cutting tool for a hundred sheets of steel and super
alloys, wear mechanisms like abrasion and diffusion can be observed. This study also
allows the showing of PCBN with different types of CBN and binders, which are of two
grades [99]. This study also appraised the different grades of PCBN based on a real cutting
test which was only for the friction welding process. Another study shows the presence of
a different wear mechanism by comparing the Tic-CBN tool with that in CBN [100]. This
study also suggested that a more stable protective layer in higher temperatures can be
achieved when the lower thermal conductivity of the TiC-CBN-based tool is compared with
the CBN based tool. Apart from these, studies have been conducted on the mechanisms of
the cutting tool wear to understand it in a better manner [101–103]. The experiment was
run on a 45 m long steel alloy that shows that the obtained tool life of the PCBN tool was
sufficient enough for the welding process [104]. Later on, another experiment was carried
out, where the high strength low alloy, 65 of 6 mm (thickness), was welded with the help of
the PCBN tool [105–108].

In the past few years, the design of the PCBN tool has changed considerably. In
Figure 4, it can be seen that the tool only had a truncated cone probe with a smooth concave
shoulder and without any other features in it [75]; after that, the PCBN tool was upgraded
with a newly added feature (truncated cone), as shown in Figure 5a [106]. The probe was
modified with a stepped spiral thread (Figure 5b). Even after that, the tool design was
again modified, providing a convex shoulder with scrolls added to it (Figure 5c). Because
of these added features, it was possible to avoid the defects caused by the tool, and the
features also improved the productivity of the tool. The need for the tilting can be omitted
in the case of the threaded tools.

 

Figure 5. Evolution of the design of PCBN tool: (a) early featureless design, (b) step spiral probe, and
(c) convex scrolled shoulder step spiral probe [106].

Another new type of PCBN tool material has been developed where WRe works as
the binder or the catalyst. At the cost of tool wear resistance. This new type of PCBN-WRe
can offer better fracture toughness than the regular PCBN tool material [106]. There is an
enhanced control over the temperature of the tool as well as the whole friction welding
process due to the development which has been carried out over the past few years with
the new grades of PCBN by improving the wear and fracture resistance of both PCBN and
PCBN-WRe tool material [95].
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In a nutshell, it can be observed that a variety of the tool materials are being used de-
pending upon the specific application. Common tool materials include various steel types
like H13, HCHCr, HSS, and SS310 which are selected based on wear resistance, thermal
stability, and compatibility with work material. Steel tools are effective for aluminum and
magnesium alloys. For harder materials, PCBN (polycrystalline cubic boron nitride) tools
are preferred due to their high hardness, temperature stability, and wear resistance. As a
general rule, the tool material should be harder than the work material. The harder the tool
material is, the tougher the machining of the tool would be in a proper shape. As the shape
of the tool pin and shoulder can influence the weld quality, a careful consideration should
be made in deciding the tool materials so that there will not be any issue in the fabrication
of a specific and intricate tool design.

2.4. Temperature Distribution

The temperature profile of friction stir spot welding of aluminum alloys is shown in
Figures 6 and 7, where the maximum temperature generated during the FSSW of different
aluminum alloys at different parameters is revealed. The peak temperature values at
different dwell times are shown along the ordinate and dwell time along the abscissa where
the type of metal was indicated at the top of the bar.

Figure 6 shows the compiled data of maximum temperature generated at different
dwell times, whereas Figure 7 shows the variation of temperature at different speeds.
Arul et al. [107] have used Al 6111-T4 sheets with a thickness of 1.3 mm and 1.7 mm as
a welding sample and welded by using an H13 tool steel of 10 mm tool diameter. It can
be observed that at a dwell time of 2.2 s, the maximum temperature rise was about 573 K
at 1500 RPM, and at the same dwell time, at 3000 RPM, the temperature reached up to
688 K. The welding was performed in the Kawasaki SFW system, and the temperature
was recorded by using a thermocouple, which was 2 mm away from the shoulder of the
tool [107].

Pandey et al. [109] achieved the highest temperature of 598 K at a dwell time of 3.6 s.
Aluminum 6061 series of 1 mm thickness was welded with an H-13 tool. The pin length of
the tool was 1.4 mm with a diameter of 4 mm at 1500 RPM. A FE or finite element model
was developed to compare the experimental data with the predicted data.

 

Figure 6. Temperature variation at different dwell times [108,109].
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Figure 7. Temperature at different plunging speeds [71,110].

Aluminum-5754 sheets of 1.6 mm thickness were welded with a circular pin tool with
a diameter of 5 mm by Pathak et al. [71]. The lowest peak temperature recorded at 4 s
was 280 ◦C with an RPM of 500, and the temperature recorded at the same dwell time but
at 2000 RPM was 553 K. The study also notes that, if the tool was replaced with a taped
pin tool, the peak temperature increases. The circular pin happened to produce more heat
than the tapered one, in the specimen, and near the sheet–tool interface, an asymmetrical
temperature profile has been observed with both circular and tapered pins. Moreover,
with the increase in rotational speed and dwell time, the peak temperature has also been
observed to be increasing. The maximum and minimum temperature recorded for a 5 s
dwell time was 706 K and 587 K at 1700 RPM and 900 RPM, respectively. Li et al. [110] used
Alclad 2A12-T4 aluminum sheets of 2 mm thickness, and the experiment was conducted
by a self-developed RFSSW machine that had a 5.3 mm diameter. By using a K-type
thermocouple, the thermal cycles were determined, and the readings were obtained 6 mm
away from the weld center. The variation in the highest peak temperature and lowest peak
temperature takes place due to the variation in the RPM of the given parameters.

Also in a friction welding process, incipient melting may occur, since the shear strength
of the plasticized metals tends to decrease significantly if the temperature reaches the
solidus temperature. Thus, no further temperature rise takes place as a drop-in heat
efficiency occurs in the process. The maximum temperature generated at different spindle
speeds is shown in Figure 7. It was observed that the temperature changes with a change in
spindle speed. Then, some fluctuation can also be observed until the temperature reaches
its highest and then with the increasing RPM, the value of the temperature becomes more
identical. From the plot, it can be concluded that the welding peak temperature remains
between 523 K and 723 K. The lowest temperature was achieved at low spindle speed, i.e.,
40 RPM and 50 RPM because of the low strain rate of the material.

Along with the works on the Aluminum 5XXX and 6XXX series, authors have contributed
significantly in the joining of Al 7XXX series, which is popular for its high strength, toughness,
and corrosion resistance and it finds the majority of application in aerospace and transportation
applications. Both numerical [111] and experimental works have been reported to investigate
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the effect of the thermal history on the final joint quality (microstructure and mechanical
performance) in Al 7XX series welded through the FSSW refill FSSW process. Fully coupled
thermal analysis was performed to predict the thermal history for Al 7075-T6 sheets welded
by the refill FSSW process. The results were validated with the experimental thermal profile.
The model showed a steep thermal gradient near the Stir Zone.

Gerlich et al. [112] reported peak temperatures reaching 527 ◦C during a traditional
FSSW process at 3000 rpm. These high temperatures facilitated dynamic recrystallization,
producing fine-grained equiaxed microstructures in the SZ. However, the study also found
that high tool speeds could lead to transient local melting and tool slippage, which com-
promise weld quality. Shen et al. [113] observed melted films in the SZ with maximum
temperatures of approximately 470.9 ◦C located 2.6 mm from the weld center. These el-
evated temperatures correlated with increased nugget thickness and lap shear strength,
indicating a direct relationship between thermal input and joint integrity. However, exces-
sive heat could degrade surrounding material properties. The thermo-mechanical modeling
by Janga et al. [114] validated numerical predictions of temperature cycles using thermo-
couple measurements. Their DEFORM-3D model accurately captured the thermal history
(Figure 8), strain, and material flow, highlighting the localized nature of heat generation
and its critical role in defining the size and quality of the SZ.

Figure 8. Comparison of experimental and numerical temperature results at different locations [114].

The temperature profile’s impact on weld microstructure was also shown in the work
reported by Kubit et al. [115], where micrographs of refill FSSW welds revealed the higher
thermal input refined grain structures, but could also lead to softening in the heat-affected
zone (HAZ), impacting fatigue strength. It has been observed that the combination of
plunge depth and welding time governs the thermal activity [116]. Proper calibration
ensures sufficient temperature to plastically deform the material without exceeding its
melting point, maintaining the solid-state nature of the process.

Overall, from these studies, it can be understood that peak temperature during the
welding process depends on various factors like tool type, dwell time, spindle speed, and
tool geometry. High temperatures are essential for the softening of the base material, and
on the other hard excessive temperature can cause local melting and generation of residual
stresses. Therefore, controlling temperature distribution is very much essential in the
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FSSW process. Both experimental and numerical analyses emphasize the need for precise
process parameter optimization to ensure high-quality joints with favorable mechanical
and metallurgical properties.

3. Mechanical Behavior

The highest load-bearing capacity at different parametric combinations is shown in
Figure 9. The highest load-bearing capacity was achieved by Sun et al. [117] for a probe-less
tool. The maximum load-bearing capacity recorded by the FSSW joint of commercial
6061-T6 series of aluminum alloy plate of 1 mm thickness was recorded at 5400 N with a
displacement of 1.5 mm.

 

Figure 9. Displacement of the joint at different tensile shear loads [71,110,117].

Pathak et al. [71] analyzed the lap shear load of FSSW on Aluminum-5754 sheets of
1.6 mm thickness on different dwell times, tool plunge depth, and rotational speeds. The
parameters used in that experiment are a plunge depth of 2.4 mm, a dwell time of 4 s
constant, and a rotational speed of 2000 RPM with a circular pin that has a diameter of
5 mm. The highest load-bearing capacity or the peak load was obtained as 4.3 KN which
creates a displacement of 0.5 mm in the specimen [71].

Farmanbar et al. [118] carried out an experiment on AA5052 al sheets of 1 mm thick-
ness, and the type of welding performed was protrusion friction stir spot welding. The
protrusion had a diameter of 11 mm and a height of 0.4 mm above the desk. The tool used
for this welding was the H13 steel tool which was a pinless cylindrical tool with a 14 mm
diameter. Welding was performed with a rotational speed of 800 RPM and with various
dwelling times. It was observed that the highest tensile shear load obtained was 4400 N
with a displacement of 1.5 mm [118].

The lowest tensile shear load of 1420 N with a displacement of around 9 mm
was recorded by Badarinarayan et al. [119] at an RPM of 1500 with a plunge speed of
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20 mm/min, dwell time of 2 s, and a plunge depth of 0.2 mm. For the study, annealed
5083AA sheets with two different thicknesses of 1.64 and 1.24 mm were used. A cylindrical
pin was used to weld with a shoulder diameter of 12 mm, and a pin length of 1.6 mm. For
AA6060-T5 alloys, the tensile shear load was 5000 N with a displacement of 2.4 mm before
the rapture. The welding tool used was X210CR 12 with shoulder and a pin diameter of
14 mm and 5 mm, respectively. The tool also had a length of about 3.95 mm. The average
failure load or load-bearing capacity was found to be 5 KN with a feed rate of 16 mm/min,
along with a rotational speed of 1000 RPM [120]. FSSW of 6061-T6 al alloy of 2 mm thick-
ness extends up to 2.5 mm at a load of 2600 N [32]. The H13 pinless tool was used for
welding with a plunge depth of 1.1 mm, 1400 RPM, 6 s dwell time, and 18.6 mm/min feed
rate. The study also shows that the weld samples which were made with the same welding
parameters but using a tool with the probe have lesser yielded strength [32]. And the rest
of the two values are 4512 with a displacement of 1.0 mm.

Residual stress [25,121] is always a matter of concern for any welding process. For
the FSSW process, the thermal gradient and the mixing parameters influence the residual
stress behavior. The research conducted by Sarfaraz et al. [116] and Boucherit et al. [122]
shows the residual stress distribution in the weld center and around (Figure 10) for Al-Cu
dissimilar FSSW joints. The highest amount of residual stress (RS) can be seen around the
HAZ. The maximum value of RS was around 60 MPa. The longitudinal RS was reduced
near the spot weld center. The SZ also noticed a decreased value of the RS, which may
be due to the finer grains in this region. Though very less efforts have been found in the
investigation of the residual stresses in the FSSW process, the presence of the residual
stresses in the FSSW joint is much less compared to the fusion welding process [123]. The
estimation of the RS could be an area for understanding the FSSP process in a better way.

 

Figure 10. Residual stress distribution in Al−Cu dissimilar FSSW joint (a,c) Longitudinal,
(b,d) Transverse for two different locations [122].
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Recent advancements in the application of FSSW have extended beyond sheet joining
and are now being explored for structural aluminum members such as beams, columns,
and stiffened panels [124]. These developments are particularly significant in automotive
and rail car body frames, where lightweight [121] and high-load-bearing components are
essential. For example, FSSW has been applied to the fabrication of aluminum hollow
extrusions and stiffeners used in crash-relevant substructures, enabling enhanced joint
fatigue performance and crash energy absorption compared to traditional joining meth-
ods [125]. Aerospace-grade aluminum alloys (e.g., 7075) are being considered for structural
ribs and bulkhead components using FSSW due to the lower residual stresses and improved
dimensional stability offered by the process [124]. These applications demonstrate FSSW’s
scalability and reinforce the need to evaluate its design feasibility and mechanical reliability
under large-scale loading scenarios [124–126].

4. Microhardness

The graph provided below represents the hardness profile of different aluminum
alloys at different process parameters by various authors. Figure 11 shows the range of
microhardness values at different spindle speeds ranging from 40 RPM to 3000 RPM, which
gives a brief idea of the range of hardness values of friction stir spot welded joints of Al
alloy. The compilation of highest and lowest hardness numbers by various authors was
plotted for different spindle speeds and the type of the welded material was mentioned
along with the bar in the graph.

 

Figure 11. Microhardness analysis of different aluminum alloys [117–120].

It can be observed from Figure 11 that the value of microhardness of FSSW of
aluminum alloy ranges between 55 HV to 160 HV depending on the input parame-
ters. The highest microhardness in an aluminum series of 6060-T5 was achieved by
Mohamed et al. [120] with a 14 mm shoulder diameter, 5 mm pin diameter, and 3.95 mm
length at rotational speed from 1000 to 2000 RPM. The hardness value of the Stir Zone
(SZ) and thermo-mechanical-affected zone (TMAZ) was higher than the base material and
the HV in the SZ showed a peak value in the range of 110–150 with a rotational speed of
1400 RPM. The highest hardness value of 150 HV was recorded in the welding joint welded
at a rotational speed of 1400 RPM. Sun et al. [117] used commercial 6061-T6 Al alloy plates
with a thickness of 1 mm for that experimental process. Two types of tools were used for
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the analysis; one of the rotating tools had a diameter of 12 mm along with a probe diameter
of 4 mm, and the length was 1 mm. The other rotating tool was flat-shouldered, i.e., probe
less tool with a diameter of 12 mm. The hardness value noted in the range of 120–140 HV
was achieved in the joints welded at a spindle speed of 40 RPM and welding time of 30 s.
The hardness values changed slightly if probe-less tools were used for welding

Another experiment was carried out on AA5042-O al with 1.5 mm thickness by
Tiera [127]. The welding was carried out by using the FSSW-Refill prototype machine
which had an 18 mm diameter clamping ring, a 9 mm diameter threaded sleeve, and a
5.2 mm diameter grooved pin. At a tool speed of 900 RPM and 6.07 KN applied load,
the hardness value was found to be 75–85 HV. Aluminum 6061-T6 rolled sheets of 2 mm
thickness were chosen by Venukumar et al. [128] to analyze the welding properties. The
tool which was used for the experiment had a shoulder diameter of 18 mm and a pin
diameter of 5 mm. It was observed that the hardness was in the range of 60–63 HV with
a rotational speed of 900 RPM. The hardness value of alclad 2A12-T4 aluminum alloy
had a thickness of 2 mm and range of 135–140 with a rotational speed of 900 RPM in the
SZ [110]. This alloy also showcases a hardness profile of W-shaped. The HV value was
at its lowest (116 HV) near the edges of the Stir Zone. But then again, the hardness value
increases in the SZ.

From the graph, it can be observed that four values of hardness were discussed for
different Al alloys at 1500 RPM. These values are a compilation of experiments carried out
by different authors, which are being discussed. Freeney et al. [129] carried an experiment
with a 5052 H32 Al alloy of 1 mm and 1.6 mm thickness. The tool with a shoulder diameter
of 12 mm, and a 1.77 mm long conical pin with a root diameter of 4.5 mm and a tip diameter
of 3 mm was used for welding. At a rotational speed of 1500 RPM, the value of the hardness
was in the range of 90–95 HV, and the hardness value decreased at a rotational speed
of 3000 RPM in the range of 80–90 HV. The authors found that the factor affecting the
HV values was dwelling time, but the only changes in the RPM do not make significant
differences in HV values. It was also noted that at a speed of 680 RPM, the hardness
value ranges between 60 and 80 HV. Aluminum alloy 6061 of 1 mm thickness was used by
Pandey et al. [109] to conduct the study and found that the hardness was in the range of
100–110 near the edges of the Stir Zone at a spindle speed of 1500 RPM. The edges of the Stir
Zone experience high material flow and due to the compression of more material at those
points, the hardness values are usually higher. Another study by Badarinarayan et al. [119]
was conducted by using Annealed 5083 Al sheets with two different thicknesses at a spindle
speed value of 95–100 HV with an RPM of 1500. This alloy had a higher hardness value in
the SZ than the BM and with a distance of around 2 mm from the periphery of the weld
keyhole, the HV values were lower and quite stable at the same time. Shen et al. [130]
experimented with a 7075-T6 aluminum alloy plate of 2.0 mm thickness. The hardness
values of the same experiment range between 145 and 150 in the SZ area at 1500 RPM.
The HV distribution was W-shaped and the lowest hardness values were obtained at the
boundaries of the HAZ and TMAZ. The factor affecting the HV values was dwelling time,
but the only change in spindle speed does not make significant changes in HV values.
Freeney et al. [129] selected strained hardened 5052 H32 aluminum alloy to conduct their
study. The next bar represents the HV value of the same study which ranges from 90–95 at
the boundaries of the SZ, at a spindle speed of 1500 RPM.

The HV value of SZ of commercially pure aluminum was found to be in the range
of 58–61 HV at a constant speed of 1800 RPM [9]. The HV distribution had a W-shaped
appearance and the hardness values were lower in the HAZ. Also, the hardness value was
found to be maximum in the SZ due to the formation of the fine grains. Pathak et al. [71]
studied Aluminum-5754 sheets with a thickness of 1.6 mm for FSSW and found that the
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hardness value was in the range of 100–105 HV with a rotational speed of 2000 RPM
when a distance of 2 mm from the keyhole was considered. Due to the fine dynamic
recrystallization of the grain structure, the hardness values were higher in the nugget zone.
Aluminum alloy 5052-H112 sheets of 1 mm thickness were used by Zhang et.al. [131] for
analyzing the effect of parameters on the welding properties. The tool with a shoulder
diameter, root, and tip of the pin of 10, 4.5, and 3 mm, respectively, was used for FSSW,
respectively. The pin was about 1.8 mm in length and the concave face of the shoulder
was angled at 4◦. With a spindle speed of 2256 RPM and a dwell time of 5 s, the highest
hardness value ranges between 30 and 40 HV in the SZ. The HV values had a W-shaped
appearance and the hardness was found to be lowest in the HAZ and lower in the BM.
One of the highest HV values (30–40) only near SZ was achieved at 2256 RPM; the spindle
speed and dwell time influenced hardness values.

At an RPM of 2900, the hardness value was in the range of 80–100 HV. The experimental
work was carried out by Rosendo et al. [132] using 1.7 mm thick sheets of AA6181-T4
aluminum alloy. The base metal has an average hardness value of 80 HV but it decreases in
the HAZ. The SZ goes through dynamic recrystallization which leads to solubilization of
the precipitates. Hence, this process was considered one of the main reasons behind the
higher value of hardness in the SZ.

5. Microstructure

The weld zone in FSSW is composed of several regions, each exhibiting distinct
microstructural characteristics. The Stir Zone (SZ), also known as the nugget zone, un-
dergoes significant plastic deformation and dynamic recrystallization, resulting in a fine
and equiaxed grain structure due to the intense stirring action of the tool. Adjacent to the
SZ is the Thermo-Mechanically Affected Zone (TMAZ), which experiences both thermal
and mechanical effects. However, the degree of plastic deformation here is less intense
compared to the SZ, leading to elongated and deformed grains from the combined effects
of heat and mechanical stirring. The Heat-Affected Zone (HAZ) is subjected to thermal
cycles without undergoing plastic deformation. Its grain structure remains similar to the
base material but may show signs of thermal exposure, such as grain growth or phase
changes. Lastly, the Base Material (BM) represents the unaffected parent material, retaining
its original microstructure. Figure 12A shows the microstructure of the Stir Zone (Stir
Nugget), TMAZ, and HAZ [133].

The Stir Zone (SZ) typically features fine and equiaxed grains resulting from dy-
namic recrystallization. In contrast, the Thermo-Mechanically Affected Zone (TMAZ)
exhibits elongated grains aligned with the material flow direction. The Heat-Affected Zone
(HAZ) shows minimal changes in grain structure compared to the Base Material (BM).
In precipitation-hardened aluminum alloys, thermal cycles can alter the distribution and
morphology of precipitates. The SZ often displays a more uniform distribution of fine pre-
cipitates due to recrystallization and subsequent re-precipitation. Second-phase particles,
such as intermetallic compounds, can be broken up and redistributed within the SZ. The
SZ may also develop a unique crystallographic texture due to severe plastic deformation.
The TMAZ and HAZ retain some of the original texture of the BM, though modified by
thermal and mechanical effects. Intense plastic deformation and dynamic recrystallization
in the Stir Zone (SZ) result in significant grain refinement. The stirring action also helps
homogenize the distribution of alloying elements and second-phase particles. Additionally,
thermal cycles and plastic deformation can introduce residual stresses, potentially affecting
the mechanical properties of the weld. Understanding the microstructural evolution during
FSSW of aluminum alloys is essential for optimizing welding parameters and enhancing
the performance of the welded joints.
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Figure 12. (A) Cross section of the FSW joint; (B) micrographs of (a) BM, (b) HAZ, (c) TMAZ;
(C) micrograph of the (a–c) marked regions of the Stir Nugget Zone [133].

The microstructure of the parent material in the FSW process remains relatively un-
changed in the Heat-Affected Zone (HAZ) with minimal effect on grain structure. Dynamic
recrystallization occurs in the DXZ with subgrain growth absorbing dislocations into
boundaries. Precipitates in the base alloy coarsen and increase in the HAZ after FSW.
Al3Zr dispersoids remain unchanged in HAZ and TMAZ regions but act as nucleation
sites in the DXZ where as Al7Cu2Fe phase changes shape in the DXZ due to FSW tool
stirring [1]. A macrostructural investigation revealed two distinct FSpW weld regions: the
Stir Zone (SZ) and the Thermo-Mechanically Affected Zone (TMAZ), as shown in Figure 13.
Analysis of the cross sections found consistent geometric and metallurgical patterns in all
connections investigated, including hooking, partial bonding, and bonding ligament. The
hook is created by the upward bending of the sheet due to tool penetration, forming an
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upside-down V shape controlled by energy input. Partial bonding is a weaker transition
area between sheets, while the bonding ligament represents strong adhesion resistant to
separation [132].

 

Figure 13. Macrographs of a typical FSpW connection cross section showing the weld zones, geomet-
ric/metallurgical features, and weld defects [132].

The RFSSW process produces a more homogeneous and refined microstructure in the
Stir Zone (SZ), leading to different hardness values along the welded joint. The SZ also
exhibits higher localized corrosion resistance and thicker passive film compared to the
Base Material (BM) and Heat-Affected Zone (HAZ), making RFSSW a promising option for
welding dissimilar joints [34]. Figure 14 shows the difference of grain size in the Stir Zone
(SZ) and Thermo-Mechanically Affected Zone (TMAZ) at various tool rotational speeds.
As the tool rotational speed increases from 900 to 1700 RPM, the change in average grain
sizes occurs in the SZ. The elevated temperature provides more energy for grain growth,
leading to grain coarsening in the recrystallized grains in the SZ. Similarly, in the TMAZ,
grains also become coarser at higher rotational speeds for the same reason [110].

  
(a) (b) 

Figure 14. Grain structures in joints at different tool rotational speeds [110]. (a) SZ-900 rpm,
(b) TMAZ-900 rpm.
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Authors have tried to analyze micro fracture surfaces of tensile-tested specimens using
SEM to understand failure patterns. Figure 15 shows two micro graphs of welded samples
with and without heat treatment. Fractured surfaces showed dimples of various sizes and
shapes, indicating ductile fracture. Voids typically form before necking in ductile materials,
but early necking can lead to more prominent void formation. Heat-treated specimens
showed shallow and small dimples, while welded joints had deep and elongated dimples.
A larger population of fine dimples indicated a more ductile behavior before failure. Similar
findings were reported for fatigue-tested FSW joints [49].

Figure 15. Fracture surface of tensile specimen [49]: (a) as welded at a welding speed of 8 mm/min,
(b) heat treated and at a welding speed of 8 mm/min.

The formation of intermetallics is a matter of concern in most of the friction stir
processes as the intermetallic compounds are generally brittle in nature, hence weakening
the joint and it can produce further fracture to the joint [134]. Intermetallics can be formed
more in the liquid–solid interface than the solid–solid interface [135].

Friction stir welding can be beneficial in some cases where it can limit the formation
of the intermetallics. Authors have reported that dissimilar Al-Mg joints formed by fusion
welds have more tendency to form the intermetallics than the FSW joints. Various types of
IMCs can be observed for the dissimilar Al-Mg: β-Al3Mg2 and γ-Al12Mg17, etc. There
is definite effect of the process parameters on the formation of the IMCs. Lv et al. [135]
reported that tool offset can influence the overall thickness of the IMC layer. The utilization
of the ultrasonic energy disjointed the IMCs and in turn enhanced the strength. With higher
ultrasonic energy the complete removal of the IMCs is also possible. Baghdadi et al. [136]
reported that the mechanical property is mainly affected by the IMCs which can be con-
trolled by controlling the process parameters.

Among the popular methods, energy dispersive spectroscopy, X-Ray diffraction
(Figure 16), etc., can be used to investigate the presence of the IMCs. As reported by
Medhi at al. [25], the inter-diffusion performance of Al and Mg was responsible for the
formation the IMCs (Al12Mg17 and Al3Mg2). TEM images as shown in Figure 17 also
confirm the presence of the IMC in the Stir Zone at various tool rotational speeds. The
investigation by Kim et al. [137] shows an in-depth analysis of the Al-Cu joint welded by
the refill FSSP. It was reported that definite inter-metallic formation was found during the
FSSW process (Figure 16). Intermetallic lumps composed of a variety of the inter-metallic
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compounds of the aluminum, viz., Al4Cu9, Al2Cu, Al6Mn, and Al2CuMg was observed at
various locations at the joint interface.

 

Figure 16. EDS images of Al-Cu joint: (a) joint interface (b–e), mapping of Mg, Cu, Al, and Mg-Cu-Al,
(f) line scan of Al-Cu joint interface, (g) magnified joint interface, (h) various locations of the joint
interface using HAADF-STEM, (i–l) XRD of the joint interface at various angles [121].
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Figure 17. TEM images of Stir Zone (AZ91D and Al-7Si) at different tool rotational speeds (a) 700,
(b) 800, (c) 900, and (d) 1000 rpm [25].

The intermetallic formation plays a very significant role for deciding the final mechan-
ical behavior of the joint. As the joint strength of the friction stir spot welding process
depends on both the mechanical locking due to mixing and the partial change in the
microstructure, the inter-metallic formation can significantly influence the joint strength
and fatigue behavior. Therefore, the process parameters should be controlled precisely to
decide the final microstructural behavior of the weld joint for a sound joint, otherwise it
may lead to premature failure of the joint.

6. Design Rules and Code Comparisons for FSSW of Aluminum Alloys

Although friction stir spot welding (FSSW) is widely researched, its inclusion in formal
design codes is still in a developmental stage. However, some progress has been made in
incorporating spot welding practices, including those applicable to aluminum alloys, in
various regional standards such as the Eurocode 9 [138], American Welding Society (AWS)
D17.3/D17.3M [139], AS/NZS 1665 [140], CSA S157 [141] and AISC Manual [142]. The
Table 3 below provides a comparative summary of these standards with respect to alu-
minum spot welding, particularly highlighting provisions relevant to FSSW or translatable
from resistance spot welding (RSW).

Table 3. Comparative summary of design codes for aluminum spot welding.

Code/Standard Region Design Focus
Relevant Provisions

for FSSW
Advantages Limitations

Eurocode 9 (EN
1999-1-1) Europe Structural design of

aluminum structures

Allows mechanical
fastening and fusion
welding; FSSW not
explicitly included

Comprehensive
structural safety
checks

Lacks FSSW-specific
guidance;
conservative
assumptions for weld
strength

AWS D17.3/D17.3M USA
Friction stir welding
of aluminum in
aerospace

Covers friction stir
welding, thus
indirectly applicable
to FSSW

Aerospace-focused,
high reliability

Limited
FSSW-specific joint
design parameters
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Table 3. Cont.

Code/Standard Region Design Focus
Relevant Provisions

for FSSW
Advantages Limitations

AS/NZS 1665 Australia/New
Zealand

Welding of
aluminum structures

Primarily deals with
fusion welding; spot
weld strength limits
provided

Some design
guidance can be
extrapolated

Does not consider
solid-state welding
processes like FSSW

AISC Manual USA
Structural
steel/aluminum
joints

Not directly
applicable but useful
for understanding
allowable stress
design

Well-established
engineering
principles

No mention of FSSW
or aluminum-specific
solid-state welding

CSA S157 Canada Strength of
aluminum joints

Offers general
aluminum weld joint
design guidance

Includes provisions
for
performance-based
assessment

No separate
treatment of friction
stir-based spot
welding

Currently, most design codes do not directly incorporate provisions for FSSW of
aluminum alloys. Instead, design engineers and researchers often rely on RSW design
principles as a baseline, adjusted for the improved mechanical behavior and reliability of
FSSW joints [121,143,144]. AWS D17.3 [139] is the only available design which talks about
friction welding techniques, making it the most relevant framework currently available,
especially for aerospace applications.

The lack of harmonized and FSSW-specific design equations presents a major limi-
tation, particularly when adopting FSSW in load-bearing or fatigue-sensitive structures.
Variability in experimental data, differences in alloy behavior, and tool configuration chal-
lenges complicate the development of universal equations. To bridge this gap, future efforts
should aim to establish standardized design protocols for FSSW based on comprehensive
experimental validation, fatigue life assessment, and numerical simulation [136]. These
could then feed into code revisions or the creation of dedicated FSSW appendices within
existing welding standards.

7. Summary

In the past few years, rampant growth has been maintained for the investigation of
FSSW for aluminum alloys. A huge number of promising results have been obtained which
include the wide application of FSSW for various industries. This is why the FSSW process
plays an important role to reduce pollutant emissions, and moreover, this process requires
less temperature than the melting point. Moreover, this method is also used for the overlap
joining of aluminum alloys which are not weldable by traditional techniques. Though
due to limited scope, this study could not cover a few of the areas like the modeling and
simulation works and microstructural study of the FSSW joints, but rather a multifold
analysis of the recent studies on FSSW has been performed. To maximize the application
of FSSW with minimum defects, various experiments were carried out by worldwide
researchers, which concludes the following points:

• It can be seen that a wide range of tool materials are being used; H13 is the most
widely used, other popular ones are HSS, C40, CBN, etc.

• From the study, it can be concluded that the peak welding temperatures vary from
280 ◦C to 450 ◦C and there is an increase in temperature with an increase in RPM;
however, it depends upon the aluminum grade.

• Most of the researchers have performed the Vicker’s hardness study for all the similar
Al FSSW welding ranges of 50–160 HV, where HV at the Stir Zone of the upper plate
has the highest hardness value.
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• For achieving the highest load-bearing capacity, the dwell time should be kept mini-
mum and the load-bearing capacity can be slightly improved using a pinless tool.

• Numerous researchers have conducted tensile testing of the FSSW joints, Al 6XXX
series seems to show the maximum load-bearing capacity.

• From the studies, it is evident that the thermal history has a critical influence on the
final mechanical behavior.

• Studies have been conducted to analyze the design standards, and it was found that
currently there is no defined standard for the FSSW process, at present only AWS has
a specific standard for the friction stir welding.

8. Future Directions

The current review has highlighted several critical aspects and recent developments
in friction stir spot welding (FSSW) of aluminum alloys, particularly emphasizing tool
design, temperature control, mechanical behavior, microstructural evolution, and process
outcomes. While FSSW has shown clear advantages over conventional welding techniques,
several research gaps and opportunities for advancement remain.

One of the key findings of this review is the pivotal role of tool geometry and material
in controlling heat generation and material flow. Future research should focus on the
design and optimization of non-traditional tool geometries, including multi-featured and
adaptive tools, to enhance weld quality and reduce cycle time. Additionally, while tool
steels and PCBN tools have been extensively studied, the development of cost-effective,
high-durability alternatives, especially for dissimilar or high-strength aluminum alloys,
remains underexplored.

A scope can be the comparative study with the other variants of the spot welding
processes (RSW, LFW, or hybrid processes) with the merits and demerits of the solid-state
process. There is a need for real-time process monitoring and closed-loop control systems
to ensure repeatability and consistency. Advanced sensing techniques (e.g., thermography,
acoustic emission, and force feedback) coupled with AI-based predictive models could
enable adaptive process control tailored to material and joint conditions.

Residual stress evolution and its interaction with microstructure, particularly in multi-
pass or hybrid processes, require deeper investigation through coupled thermo-mechanical
simulations validated by experimental methods such as neutron diffraction and digital im-
age correlation. Furthermore, long-term performance studies, including fatigue, corrosion
resistance, and fracture behavior under service-like conditions, are essential to validate
FSSW joints for critical applications in aerospace and automotive structures.

Standardization of design rules specific to FSSW by reviewing and harmonizing
provisions across Eurocodes, AWS, and AS/NZS standards is crucial for broader structural
implementation. Comparative analysis and experimental validation of design equations
can provide a foundation for code development and improve industry acceptance.

In a nutshell, the future of FSSW research lies in a multidisciplinary approach, integrat-
ing materials science, mechanical engineering, process modeling, and machine learning.
The insights from this review provide a roadmap for developing a more robust, intelligent,
and industrially scalable FSSW process for aluminum alloys.
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Abstract: The effects of rare earth Y on the microstructures and tensile properties of ZL109
alloys were studied through metallographic observation, scanning electron microanalysis,
X-ray diffraction, and tensile experiments, and the existence form and mechanism of Y were
analyzed. The results show that the grain size of the ZL109 alloy is obviously reduced and
that the strength of the ZL109 alloy is significantly increased after adding the Y element.
When the Y content is increased to 0.2 wt.%, the tensile properties of the ZL109 alloy at
room temperature and 350 ◦C are better than those without a rare earth addition, and the
comprehensive tensile properties are better. This is due to the addition of the Y element;
α-Al dendrites are obviously refined, and there is a tendency for them to change into
fine isometric crystals. The size of the eutectic Si decreases, and its shape is modified.
The morphology and size of high temperature enhanced phases, such as Al3CuNi, are
optimized. The heat-resistant enhanced phase Al2Si2Y is formed after the addition of rare
earth Y. However, with the addition of the Y element, the Al2Si2Y phase increases, and
coarsening results in the decrease in alloy strength.

Keywords: ZL109; Y; heat-resistant property

1. Introduction

Due to their excellent specific strength and low density, aluminum alloys are grad-
ually replacing traditional steel materials in automotive parts and other applications [1].
However, components made of aluminum alloys tend to significantly decrease their high
temperature mechanical properties due to the growth of their grains and precipitates at
high temperatures, thus making them unusable in high temperature environments [2]. The
development of cast heat-resistant aluminum alloys that can be used safely for a long time
in the temperature range of 300 to 400 ◦C has become an international research hotspot in
recent years [3].

A cast heat-resistant aluminum alloy refers to an aluminum alloy prepared by casting,
served at 150 to 350 ◦C, with sufficient oxidation resistance, and under the long-term action
of heat-force coupling, with certain creep resistance and mechanical properties [4]. Cast
heat-resistant aluminum alloys can be roughly divided into an Al-Si series, an Al-Cu series,
and an Al-Mg series of cast heat-resistant aluminum alloys. The Al-Si cast heat-resistant
aluminum alloy is the most used and widely used cast heat-resistant aluminum alloy at
present, and its output and application amount account for more than 90% of the total cast
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heat-resistant aluminum alloys [5]. Due to the presence of Si elements, A1-Si alloys have
good air tightness, fluidity, small casting shrinkage, and other casting properties, and they
can be widely used in the pistons and cylinders of automotive engines [6]. However, the
plastic toughness of the Al-Si alloy is still relatively poor, and the mass fraction of Si in
industrial production is generally between 4 and 22 wt.%. The heat resistance strengthening
phase is often formed by adding Cu, Ni, Mg, Mn and other elements to improve the
mechanical properties of the alloy [7]. Al-Si cast heat-resistant aluminum alloys can be
divided into Al-Si-Mg, Al-Si-Cu, and Al-Si-Cu-Mg-Ni [8]. The strength of the Al-Si-Mg
alloy is improved mainly by the Mg2Si strengthening phase, but the properties of the Al-Si-
Mg alloy decrease rapidly due to the obvious coarsening during the Mg2Si phase at high
temperature [9]. The Al-Si-Cu alloy relies on the θ-Al2Cu phase and the Q-Al5Cu2Mg8Si6
phase to play a strengthening role, but the high temperature stability of the θ-Al2Cu phase
and the Q-Al5Cu2Mg8Si6 phase will also decline sharply when the temperature exceeds
200 ◦C and 250 ◦C [10]. Studies have shown that after adding Ni elements to the Al-Si-Cu-
Mg alloy, Ni-rich strengthening phases, such as Al3CuNi, Al3Ni, and Al7Cu4Ni, will be
formed in the alloy, which can significantly improve the high temperature performance
of the alloy above 300 ◦C [11]. Therefore, the research of casting an Al-Si-Cu-Mg-Ni heat-
resistant aluminum alloy that can meet the more severe high temperature environment will
make the goal of achieving lightweight automobiles using aluminum instead of steel one
step closer. Among these alloys, the Al-Si-Cu-Mg-Ni series ZL109 heat-resistant aluminum
alloy, independently developed by China, is still the most widely used piston alloy material
in China. Selection of the ZL109 alloy as the matrix alloy that is to be used to cast a
heat-resistant aluminum alloy with higher performance is the objective of this study.

The addition of Ni, Ag [12], Mn [13], Zr [14], and other transition metal elements
and rare earth elements such as Sc [15], La [16], and Y [17] for the basis of casting the
Al-Si-Cu-Mg aluminum alloy can reduce the layer fault energy of the alloy system and
form a high temperature stable heat-resistant phase and a nanometer coherent precipitated
phase. Pinning dislocations and blocking grain boundary movement at high temperatures
are effective ways to improve heat resistance. Abhishek et al. [12] studied the effects of
trace amounts of Ag and Sn elements on the precipitates and mechanical properties of the
7075 alloy and showed that adding a small amount of Ag and Sn to the 7075 alloy could
significantly reduce the average grain size of the alloy. Ag and Sn reduce the formation
of coarse η precipitates by trapping quenched vacancies and reducing the concentration
of free vacancies. Ag and Sn accelerate the kinetic rate of the precipitated phase, and
all phase transitions are controlled by the dynamics of Ag and Sn. After adding Ag and
Sn, the strength and ductility of the 7075 alloy are significantly improved. Jun et al. [14]
studied the effect of Zr on the microstructure and mechanical properties of the Al-Si-Cu-
Mg alloy at intermediate temperature (100–200 ◦C). It was found that Zr can effectively
inhibit the nucleation and grain growth of the alloy and refine the grain. The size of the
eutectic Si and Fe-rich phase of the alloy decreased significantly. The highest intermediate
temperature thermal exposure performance (150 ◦C/20 h) was obtained by adding 0.2%
Zr, and the tensile strength and elongation were 208.1 MPa and 11.4%, respectively, which
were significantly better than those without Zr. Rare earth elements have good chemical
activity and can form intermetallic compounds with other elements in the alloy. It Zr
promotes heterogeneous nucleation, which allows the thinning of α-Al dendrites [18]. The
microstructure optimization of the Al-Si alloy can be divided into three parts, namely,
eutectic silicon refining, primary silicon refining, and α-Al refining. Li [19] systematically
studied the influences of the Y element on the morphology and size of α-Al, primary Si,
and eutectic Si in the multi-component eutectic Al-13Si-3Cu-2Ni-0.5Mg alloy. When the
addition of rare earth Y is 0.8%, the coarse α-Al dendrites in the alloy are refined into
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uniform cellular or equiaxial crystals, and the secondary dendrite arm spacing decreases
from 12.7 μm to 4.5 μm—a decrease of 64.6%. The coarse lamellar or long acicular eutectic
Si is transformed into a fine fibrous structure with many branches. The tensile properties
of an as-cast Al-13Si-3Cu-2Ni-0.5Mg alloy at room temperature and at high temperature
are also significantly improved. Yu et al. [20] explored the effect of Y on the microstructure
and mechanical properties of the ZL107 alloy at room temperature. When the content of
Y was equal to or greater than 0.1 wt.%, the eutectic Si was completely modified, and the
shape of the eutectic Si became short rod or granular. With the further increase in the Y
content, the shape of the eutectic Si does not change. After adding 0.1 wt.% Y, the tensile
strength increased from 194.3 MPa to 203.4 MPa, and the elongation increased from 2.3% to
2.6%. The tensile strength and elongation decreased with the increase in the Y content. In
addition, some studies have shown that rare earth Y and the aluminum form rare earth
phase Al3Y, which prevents grain growth and grain boundary slip at high temperature,
plays a role in grain boundary strengthening, and can improve the high temperature
strength of aluminum alloys [21].

At present, there are many studies on the modification and refinement of rare earth
Y in casting Al-Si alloys, and most of them focus on the mechanical properties at room
temperature. However, the effect of rare earth Y on the strengthening phase in the Al-Si-
Cu-Mg-Ni alloy and its mechanism still need further experimental investigation. The study
of high temperature properties in this paper has certain novelty. The aims of this study are
to optimize a cast heat-resistant aluminum alloy on the basis of the existing ZL109 alloy, so
that the optimized alloy has better room temperature and high temperature properties than
the ZL109 alloy, and to analyze the existence form of rare earth Y in the Al-Si-Cu-Mg-Ni
alloy and the strengthening mechanism of rare earth Y on the ZL109 alloy.

2. Materials and Methods

In the experiment, the ZL109 piston alloy was used as the base alloy, and different
contents of the Y element were added to form 5 control groups. The nominal chemical
compositions and the measured actual chemical compositions of the alloys are shown
in Tables 1 and 2, respectively. The raw materials used in the experiment are industrial
high-pure aluminum blocks (99.90%), Al-50Si, Al-50Cu, Al-20Mg, Al-20Ni and Al-10Y
intermediate alloys produced by Haichuan Metal Materials Co., Ltd. (Suzhou, China).

Table 1. The nominal chemical compositions of ZL109-xY alloys (wt.%).

Alloy Si Cu Mg Ni Y Al

Y-free 12 1.2 1.2 1.2 0 Bal.
2Y 12 1.2 1.2 1.2 0.2 Bal.
4Y 12 1.2 1.2 1.2 0.4 Bal.
6Y 12 1.2 1.2 1.2 0.6 Bal.
8Y 12 1.2 1.2 1.2 0.8 Bal.

Table 2. The actual compositions of ZL109-xY alloys (wt.%).

Alloy Si Cu Mg Ni Y Al

Y-free 12.13 1.18 1.22 1.21 0 Bal.
2Y 12.25 1.21 1.19 1.22 0.21 Bal.
4Y 11.98 1.23 1.23 1.18 0.37 Bal.
6Y 11.93 1.17 1.17 1.23 0.59 Bal.
8Y 12.07 1.23 1.18 1.18 0.78 Bal.
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First, the pure aluminum ingot and graphite crucible together were put into a well
resistance furnace. The furnace was heated to about 800 ◦C, and then the required in-
termediate alloys were added in turn. The covering agent was added, and the melt was
left to keep warm for 10 min; then, the melt was stirred and slagged. When the furnace
temperature dropped to about 680–700 ◦C, the Mg patch was quickly pressed into the
bottom of the solution, held for 5 min, and refined; then, the power was adjusted again to
make the furnace temperature rise to 710 ◦C for mechanical stirring for 2 min. After being
degassed by C2Cl6, the melt was cast into a preheated steel mold at around 730 ◦C. The
heat treatment process used for the samples was a T6 heat treatment: after the samples
were held at 505 ◦C for 6 h, they were quenched with hot water at 70–90 ◦C, and then the
cooled samples were held at 180 ◦C for 6 h. Subsequently, the samples were taken out
for air cooling. After that, the alloy samples were etched with Keller’s reagent (1% HF
+ 1.5% HCl + 2.5% HNO3 + 95% H2O). An X-ray diffractometer (Rigaku D/MAX 2500V,
Rigaku Corporation, Akishima, Japan), a metallographic microscope (BH200M, Sunyu
Instrument Corporation, Ningbo, Chian), a field emission scanning electron microscope
(Sigma 300, ZEISS, Oberkochen, Germany), and an EDS (S3400N, Hitachi Corporation,
Tokyo, Japan, accelerating voltage, 20 KV) were used to characterize the microstructures
and phase analysis of the samples. Elemental analysis of the samples was performed using
an X-ray fluorescence element analyzer (S8 TIGER, BRUKER, Berlin, Germany). The tensile
properties of the series of alloys at room temperature were performed on a universal testing
machine (AGS-X 100KN, Shimadzu, Shanghai, China) with a standard drawing distance of
25 mm and a drawing rate of 0.5 mm/min. The high temperature mechanical properties
were performed on a testing machine (Kappa, ZWICK, Ulm, Germany) at a tensile rate of
0.5 mm/min.

3. Results and Discussion

3.1. Microstructure of Alloys

Figure 1 shows the XRD results of the ZL109 alloys with different Y content. It can be
found that the alloys consist of α-Al, a eutectic Si phase, an Al3Ni phase, an Al3CuNi phase,
a Mg2Si phase, and a small amount of Al2Cu. However, the Al5Cu2Mg8Si6, Al7Cu4Ni,
and other possible second phases were not found. No new diffraction peak appeared after
the Y element was added, and no phase containing Y was found. The XRD results were
correlated with the content of each component phase. Because some alloying elements are
solidly dissolved in an Al matrix and the alloying phase content is small, the corresponding
diffraction peak is not found in the back of the diffraction pattern. The existence form of
rare earth Y in the ZL109 aluminum alloy and the type and variation of the strengthening
phase in the alloy need to be further analyzed based on the SEM–EDS results.

As can be found from Figure 2, the alloy structure is primarily composed of primary
Al and eutectic Si. According to the results of the metallographic microstructures and
phase analysis, the most abundant light-colored phase is the α-Al matrix with continuous
distribution. The black phase is mostly a spherical and rod-like eutectic Si phase, and only
contains a small amount of the irregular bulk primary Si phase. A small amount of light
gray intermetallic compounds is also observed. After the Y element is added to the matrix
alloy, the α-Al structure is further refined and tends to change to fine isometric crystals.
With the increase in the Y content, the eutectic Si becomes more rounded and changes
from a short rod-like to a spherical shape, indicating that Y has a significant modification
effect on the eutectic Si, which is consistent with the research results of Li [22] et al. The
Si phase and the intermetallic compounds are mainly concentrated in the dendrites, and
small amounts are distributed in the crystals. In view of the metamorphic mechanism of
the eutectic Si, some researchers have proposed that the ideal ratio of the atomic radius of
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the metamorphic element to the atomic radius of silicon is about 1.65 [23]. The rY/rSi value
of 1.55 is close to the ideal value; therefore, the Y element has an obvious metamorphic
effect on the eutectic Si, and the size of the eutectic Si is obviously refined.

Figure 1. X-ray diffraction patterns of ZL109-xY alloys.

Figure 2. Effect of different Y additions on microstructures of ZL109-xY alloys: (a) Y-free; (b) 0.2Y;
(c) 0.4Y; (d) 0.6Y; and (e) 0.8Y.
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In order to explore the metamorphism of the Y element on the eutectic Si, the Image J
2024 software was used to measure and analyze the size and form factor of the eutectic Si
alloy particles, and the results are shown in Figure 3. The size of the eutectic Si decreases
with the increase in the Y content. When the Y content increases to 0.6 wt.%, the size of the
eutectic Si is basically unchanged by adding the Y element. When the Y content is 0.8 wt.%,
the minimum average size is 3.58 μm. Form factor, also known as roundness [24], is the
aspect ratio of the eutectic Si particles, and the test results are basically consistent with the
size change rule. When the Y content is 0.6 wt.%, the form factor is closest to 1, and the
form factor increases slightly with the addition of the Y element.

  
(a) (b) 

Figure 3. (a) Eutectic Si size of ZL109-xY alloys; (b) Form factor of eutectic Si in ZL109-xY alloys.

Figure 4 shows the SEM morphology of the ZL109-0Y alloy. According to the EDS
results (as shown in Figure 6), it was determined that the strip structure is the Al3Ni phase,
the network or Chinese character is the Al3CuNi phase, and the black microstructure is the
Mg2Si phase. However, the Al2Cu may not have been detected due to its small content and
relatively small size.

 

Figure 4. SEM microstructure of ZL109-0Y alloy.
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The microstructures of the ZL109 alloys with different Y content are shown in Figure 5.
It can be found from the figure that after the Y element is added, the brighter Ni-rich phase
in the alloy is striped and radial, and the size is significantly reduced. The average size of
the Ni-rich phase in the ZL109-0Y, ZL109-0.2Y, ZL109-0.4Y, ZL109-0.6Y, and ZL109-0.8Y
alloys is 28.61 μm, 12.69 μm, 14.80 μm, 15.56 μm, and 17.79 μm, respectively. The Ni-rich
phase decreased significantly after the Y element was added. Moreover, according to the
surface scanning energy spectrum results of the ZL109-0.6Y alloy (as shown in Figure 6), the
Y element is enriched in the Ni-rich phase and the eutectic Si phase, and is less distributed
in the Al matrix. With the increase in the Y content, the thinning effect of the Y element is
weakened, and the coarsening phenomenon of the Ni-rich phase is obvious.

Figure 5. SEM microstructures of ZL109-xY alloys: (a) 0.2Y; (b) 0.4Y; (c) 0.6Y; and (d) 0.8Y.

Figure 6. SEM microstructure of ZL109-0.4Y alloy.

In order to further determine the existence form of the Y element in the alloy, the
microstructures of the ZL109-xY (x = 0.4, 0.8) alloys were analyzed. The SEM topography
and point analysis results are shown in Figure 7 and Table 3, respectively. According to the
results, the Ni-rich phase is mainly the Al3CuNi phase, and the Y element tends to form
the Al, Si, Ni, Y multi-component phase; that is, there are two closely combined phases—
an Al3Ni phase and a yttrium-rich phase—that are difficult to distinguish. Figure 7b
shows that when the Y content is 0.8 wt.%, the morphology of the Al3CuNi phase changes
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significantly, and these phases always attach to the compound phase. The energy spectrum
results of Spot 4 and Spot 5 in Figure 7b show that the atom ratio of silicon yttrium is
close to 2:1, no Cu is detected, and a small amount of Mg is contained—which is basically
consistent with the energy spectrum results of the Al2Si2Y phase reported by Wan [25] et al.
Therefore, it is speculated that the existing Y-rich phase is the Al2Si2Y phase. The existence
of the Al3Ni phase is confirmed by the XRD phase analysis; therefore, it is further proved
that the Al3Ni phase and the Al2Si2Y phase coexist And that Al2Si2Y can inhibit dislocation
and grain boundary movement and improve the mechanical properties of the aluminum
alloy [25].

Figure 7. SEM microstructures of ZL109-xY alloys: (a) 0.4Y and (b) 0.8Y.

Table 3. EDS analysis is of phases at locations depicted in Figure 2 (wt.%).

Spot Al Cu Ni Si Mg Y Phase

1 45.681 23.222 27.369 2.010 0.869 0.264 Al3CuNi

2 41.491 1.395 20.179 15.538 1.079 17.468 Al3Ni,
Al2Si2Y

3 70.728 13.289 14.543 0.000 1.440 0.000 Al3CuNi

4 52.130 0.505 8.710 24.521 2.338 11.796 Al3Ni,
Al2Si3Y

5 50.528 0.424 7.787 26.346 2.112 12.802 Al2Si2Y

3.2. Tensile Properties of Alloys

The relationship between yield strength and grain size of metallic materials can be
expressed by the Hall–Petch equation (as shown in Equation (1) [26]). In the formula,
σs is the yield stress of the material, σ0 represents the constant of the initial stress of
dislocation motion, k represents the strengthening coefficient, and d represents the average
grain diameter.

σs = σ0 + kd− 1
2 (1)

Figure 8 and Table 4 show the tensile strength, yield strength, and elongation of the
ZL109-xY alloys at room temperature. The relevant data of tensile test performance of the
ZL109-xY alloys at room temperature are shown in Table 4. By comparing the ZL109-xY
alloys, it can be found that with the increase in the Y content, the tensile strength of the
ZL109-xY alloys at room temperature first increases and then decreases. When the Y content
is increased to 0.2 wt.%, the tensile strength of the alloys is increased from 273.73 MPa to
313.08 MPa by 14.4%, and the comprehensive tensile property is better. However, with the
addition of the Y element, the tensile strength and plasticity of the alloys decrease.
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Figure 8. Tensile strength, yield strength, and elongation of ZL09-xY alloys with different Y content
at room temperature.

Table 4. Relevant tensile test data of ZL109-xY alloys at room temperature.

Y (wt.%)
Tensile Strength

(MPa)
Yield Strength

(MPa)
Elongation (%)

0 273.73 89.14 3.15
0.2 313.08 105 3.18
0.4 301.43 112.56 2.84
0.6 299.52 130.3 2.49
0.8 302.91 121.63 2.54

Under the combined action of the Y element and the strengthening phase, the ZL109-
0.2Y alloy has good mechanical properties at room temperature. However, according to
relevant studies and the analysis of the Griffith crack theory, the thick and slender eutectic
Si particles are more prone to fracture. With the increase in the Y content, Si particle size
decreases, and the critical stress of crack instability propagation increases [27]. Smooth
spherical eutectic Si greatly reduces stress concentration, and the strength and plasticity of
the alloy should be significantly improved. However, with the addition of the Y element,
the tensile strength and plasticity of the alloy decrease. Griffith’s formula [28] is shown in
Equation (2): σc is the critical stress for the unstable propagation of a crack in the Si phase;
E is the elastic modulus of the Si phase; γs is the specific surface energy of the Si phase
crack; a is the half-length of the Si phase crack.

σc =

(
2Eγs
πa

) 1
2

(2)

In order to investigate the reason for the plasticity decline, the fracture of the tensile
specimen at room temperature was further analyzed. Figure 9 shows the tensile fracture
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SEM morphologies of the ZL109 alloys with different the Y content at room temperature.
The fractures are mainly composed of a cleavage plane—a large number of short and
curved tearing edges and quasi-cleavage facets that are characterized by cleavage and
quasi-cleavage—and are typical brittle fractures [28–30], consistent with the result of low
elongation and poor plasticity after fracture. At the same time, it can be seen that there
are a large number of micro-cracks in the fracture and that the quasi-cleavage fracture is a
discontinuous fracture, with each hidden small crack growing constantly; this connection
often has a large plastic deformation, thus forming tearing edges and quasi-cleavage
facets [28–30].

 

Figure 9. Tensile fracture morphologies of ZL109-xY alloys at room temperature: (a) 0Y; (b) 0.2Y;
(c) 0.4Y; (d) 0.6Y; and (e) 0.8Y.

In order to further explore the causes of plastic decline and fracture sources of the
alloy, energy spectrum analysis was also carried out on the tensile fracture structure of
the ZL109-0.6Y alloy at room temperature, and the results are shown in Figure 10. There
are micro-cracks in one convex structure and two sections formed by the quasi-cleavage
fracture, which belong to the fracture source. At the same time, according to the point
analysis results, the fracture source is the Al3Ni phase and the Al2Si2Y phase. The results
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show that with the increase in the Y content, the Al2Si2Y phase content and coarsening are
more likely to crack, reducing the mechanical properties of the alloy.

Figure 10. (a) Tensile fracture morphology of ZL109-0.6Y alloy; (b) EDS data at point 1; (c) EDS data
at point 2.

3.3. Test Results and Analysis of Tensile Properties of Alloys at High Temperature

The tensile test results of the ZL109-xY alloys at high temperature (350 ◦C) are shown
in Figure 11 and Table 5. The results show that the tensile strength at high temperature
increases first and then decreases with the increase in the Y content. The high temperature
tensile strength and yield strength of the ZL109-0.2y alloy are the highest, which are
increased by 17.4% and 18.9%, respectively, compared with the ZL109 alloy. With the
increase in the Y content, the elongation of the alloy shows an increasing trend. The results
show that the second phase strengthening is the main strengthening mechanism under high
temperature conditions, and the alloy strength is related to the shape, size and distribution
of the second phase thermal stability [31]. Combined with the above results, it can be
seen that when the Y content is 0.2%, the size of the Ni-rich phase is the smallest and the
distribution is uniform, so the ZL109-0.2Y alloy has the best tensile strength. The addition
of rare earth Y led to the coarsening of the Ni-rich phase and the Y-rich phase, which led
to the decrease in the high temperature strength of the alloy. At the high temperature of
350 ◦C, the grain boundary strength decreases, the hindering effect on dislocation decreases,
and the grain boundary slip is easier to carry out [32]. Combined with the above results, it
can be seen that the size of the eutectic silicon and α-Al decreases with the increase in the Y
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content. This forms more grain boundaries, making the alloy more plastic; therefore, the
elongation increases. This result is consistent with the experimental results of Yang [32].

Figure 11. Tensile properties of ZL109-xY alloys at high temperature (350 ◦C).

Table 5. Relevant tensile test data of ZL109-xY alloys at high temperature (350 ◦C).

Y (wt.%)
Tensile Strength

(MPa)
Yield Strength

(MPa)
Elongation (%)

0 82.3 78.71 5.21
0.2 96.65 93.62 3.66
0.4 87.48 81.34 5.14
0.6 81.94 75.77 8.76
0.8 82 77.1 8.62

Figure 12 shows the SEM morphology of tensile fractures of the ZL109 alloys with
different Y content at room temperature. Compared with the tensile fracture at room
temperature, the tensile fracture at high temperature mainly has two kinds of micromor-
phologies: equiaxial dimple and tear edge, and there are a few cleavage planes, which
belong to the mixed ductile and brittle fracture. Figure 12b shows the tensile fracture
morphology of the alloy with a Y content of 0.2 wt.% at high temperature. The number
of isometric dimples is relatively small, and there are more tearing edges in the fracture.
Therefore, the ZL109-0.2Y alloy shows the worst plasticity. With the increase in the Y
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content, the number of isometric dimples increases, and the plasticity of the alloy increases
gradually [28–30].

Figure 12. Tensile fracture morphologies of ZL109-xY alloys at high temperature (350 ◦C): (a) 0Y;
(b) 0.2Y; (c) 0.4Y; (d) 0.6Y; and (e) 0.8Y.

4. Conclusions

In this paper, the microstructures and tensile properties of the ZL109-xY (x = 0.2,
0.4, 0.6, 0.8, wt.%) series alloys were analyzed; the existence form of rare earth Y in the
ZL109 aluminum alloy was explored; and the influence of the Y element on the tensile
properties of the alloy was analyzed, along with the strengthening mechanism of the alloy.
The conclusion is as follows:

(1) The strengthening phases of the ZL109-xY alloy include the eutectic Si phase, the
Al3Ni phase, the Al3CuNi phase, the Al2Si2Y phase, the Mg2Si phase, and a small
amount of the Al2Cu phase; moreover, the Al3Ni phase and the Al2Si2Y phase always
exist simultaneously.

(2) The tensile strength of the ZL109-xY alloy at room temperature and at high tempera-
ture increases first and then decreases with the increase in the Y content. When the Y
content is 0.2 wt.%, the tensile strength of the alloy at room temperature is 313.08 MPa,
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which is 14.4% higher than that of the ZL109 alloy, and the comprehensive tensile
property is better. The tensile strength and the yield strength of the ZL109-0.2Y alloy
at high temperature are the highest, which are increased by 17.4% and 18.9%, respec-
tively, compared with the ZL109 alloy. Therefore, the ZL109-0.2Y alloy has the better
comprehensive mechanical properties.

(3) The strengthening phase Al2Si2Y is formed by adding the Y element to the ZL109 alloy,
which can inhibit dislocation and grain boundary movement. The α-Al dendrites are
obviously refined and tend to become fine isometric crystals. The size of the eutectic
Si decreases, and its shape is modified. The morphology and size of high temperature
strengthening phases, such as Al3CuNi, are optimized. The tensile properties of the
alloy are improved at both room temperature and high temperature. However, with
the addition of the Y element, the Al2Si2Y phase increases, and coarsening results in
decreasing the strength of the alloy.
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Abstract

In Al–Fe alloys, the mechanical properties are determined by the morphology of iron-rich
phases. In this work, AA8176(Al-1Fe)-nY (n = 0, 0.3, 0.5, 0.7, and 0.9 wt.%) alloys were
prepared by the cast method. The effects of yttrium (Y) addition on the microstructure and
mechanical properties of AA8176 alloy were studied using various techniques including
optical microscopy (OM), scanning electron microscopy (SEM), transmission electron
microscopy (TEM), X-ray diffraction (XRD), cooling curve analysis and tensile tests. The
results revealed that the optimal refinement effect was achieved when the amount of
Y content was 0.5 wt.%. When the Y content increased from 0 to 0.5 wt.%, the coarse
needle-like Al13Fe4 phases were gradually transformed into short rod-like morphology and
some fine Al10Fe2Y phases were formed around the Al13Fe4 phases. The average length of
iron-rich phases was decreased from 10.01 μm to 2.65 μm. Additionally, as the Y content
increased from 0 to 0.5 wt.%, the secondary dendrite arm spacing (SDAS) of AA8176 alloy
was reduced from 31.33 μm to 20.24 μm. Furthermore, the mechanical properties of the
AA8176 alloy were improved due to the modified microstructure. With the addition of
0.5 wt.% Y, the ultimate tensile strength, yield strength, elongation, and Vickers hardness
were improved to 96.86 MPa, 57.21 MPa, 23.1%, and 30.55 HV, respectively, compared
to 84.47 MPa, 50.71 MPa, 18.6%, and 27.28 HV for the unmodified AA8176 alloy. It is
proposed that the growth of α-Al dendrite and Al13Fe4 phases were effectively inhibited
by segregation of Y atoms around α-Al dendrite and Al13Fe4 phases during solidification.
And the Al10Fe2Y phases were formed by these Y atoms with Al and Fe elements. However,
the formation of coarse Al10Fe2Y phases was promoted by excessive Y content, resulting in
a substantial degradation in mechanical properties.

Keywords: Al-Fe alloy; iron-rich phases; Y rare earth; microstructure; mechanical proper-
ties

1. Introduction

For Al-Fe-based aluminum (Al) alloys, excellent heat and wear resistance are achieved,
and the high specific strength and low density of Al alloys are maintained [1–3]. The
advantages of Al-Fe-based alloys are predominantly derived from various iron-rich phases
(formed by Fe, Al, and other alloying elements such as Si, Mg, Mn) during solidification
and heat treatment processes, which is attributed to the intentional addition of Fe [4,5].
Among these alloying elements, Si plays the most important role in determining the types
of iron-rich phases. In Al-Fe alloy with high Si content, the iron-rich phases are mainly
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composed of α-AlFeSi (Al8Fe2Si) and β-AlFeSi (Al5FeSi). In contrast, in Al-Fe alloy with
low Si content, the iron-rich phases are composed of Al13Fe4 (Al3Fe), Al6Fe, and AlmFe
phases [6].

Owing to the extremely low solubility of Fe in the Al matrix, a sharp increase in
the size of iron-rich phases is achieved when the Fe content exceeds 0.1 wt.%. And their
morphologies are gradually transformed from fine fibrous to large needle-like, flake-like,
and plate-like structures [7,8]. These coarse iron-rich phases act as crack initiation sites,
which lead to stress concentration during plastic deformation and thereby deteriorate
the alloy’s mechanical performance. Furthermore, the flow of melt is hindered by coarse
iron-rich phases precipitated in the solidification, consequently inducing casting defects [9].
Therefore, it is essential to develop effective methods for modifying the morphology of
iron-rich phases in Al-Fe Al alloys.

The 8000 series Al alloys, including AA8076, AA8079, AA8176 and other grades,
belong to Al-Fe Al alloys with low Si concentration, which are mainly used in packaging,
containers, cables and other fields. Currently, research on the refinement of iron-rich phases
in such low-Si Al-Fe alloys remains insufficient.

Some strategies such as rapid solidification [10], mechanical alloying [11], applied mag-
netic field [12], and severe plastic deformation [13,14] have been employed to modify the
iron-rich phases in Al alloys. However, for these methods, stringent equipment conditions
and entail higher costs are required, which limit their applicability in industrial production.

In comparison to common refiners such as Mn, Ti, Ni, and Cr, the addition of rare earth
elements, including La, Ce, Er, Sc, and Sm, is more attractive for Al casting alloys [15–25]. It
has been demonstrated that the addition of rare earth elements significantly enhances alloy
properties through the formation of thermally stable intermetallics, the promotion of grain
refinement, and the modification of texture evolution. In contrast, non-rare-earth elements
may not always match the performance improvements of RE elements [26,27]. Meanwhile,
the melt is purified, and the content of gases and inclusions is reduced [28]. Among these
rare earth elements, the widespread application of high-value rare earth elements such as Er,
Sc, and Sm in large-scale Al alloy manufacturing is frequently hindered by their high costs.
Additionally, in comparison to rare earth elements such as La and Ce, Y exhibits a stronger
tendency to combine with Fe in Al-Fe alloys to form Al-Fe-Y ternary phases [29–31]. On
the one hand, a portion of Fe atoms are consumed by the formation of the Al-Fe-Y ternary
phases, thereby reducing the volume fraction of needle-like iron-rich phases. On the other
hand, more favorable morphologies are typically exhibited by the Al-Fe-Y ternary phases,
which results in an increase in the number of strengthening secondary phases.

The beneficial effect of Y addition on both the microstructure and the mechanical
properties of Al alloys has been demonstrated by several studies [32,33]. Ding et al. [34]
reported that a significant refinement effect on 6063 Al alloy was achieved by Y addition.
The size of Mg2Si particles was reduced by the addition of Y, and the β-AlFeSi phases were
transformed into the α-AlFeSi phases. Furthermore, both tensile strength and elongation
of the AA6063 alloy were improved by the combined addition of Y and the Al–Ti–B
master alloy. Liu et al. [35] found that the microstructure of as-cast ADC12 Al alloy was
significantly refined by Y addition, resulting in a notable decrease in the average size of the
α-Al phase, as well as the coarse Si and iron-rich phases. And the mechanical properties
of the ADC12 Al alloy were notably enhanced by the combination of Y addition and heat
treatment. Wan et al. [36] reported on the effects of adding different contents of Y on the
microstructure and tensile properties of recycled A356 cast alloy. When the Y content was
0.3 wt.%, the average length of the β-Fe phases was reduced from 78 μm to 20 μm and
the finest α-Al phases were obtained. Meanwhile, the eutectic silicon was fully modified
in morphology.
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While these studies have enhanced comprehension of Y modification for Al alloys,
limited attention has been paid to the addition of Y in Al-Fe alloys with low Si concentration.
Consequently, the underlying modification mechanism and the associated mechanical
property response need to be further studied.

As described above, AA8176 was selected as the matrix material and Y was utilized
as the refiner in this study to explore effective approaches for refining iron-rich phases in
Al-Fe alloys with low Si concentration. Y was added to AA8176 alloys by the cast method.
The influence of varying Y additions (0, 0.3, 0.5, 0.7, and 0.9 wt.%) on the evolution of the
iron-rich phases, α-Al dendrite, and mechanical properties of as-cast AA8176 alloys was
systematically studied. The aim of this study is to reveal the refinement mechanism of Y on
the microstructure and the strengthening mechanism of mechanical properties of AA8176
Al alloys, and to propose a new strategy for achieving effective refinement of iron-rich
phases in Al-Fe alloys with low Si concentration.

2. Materials and Methods

AA8176 alloy samples with varying Y additions (0, 0.3, 0.5, 0.7, and 0.9 wt.%) were
fabricated using 99.7 wt.% pure Al ingots, Al-20 wt.% Fe master alloy, and Al-20 wt.% Y
master alloy. The cast process was as follows: (1) 99.7 wt.% pure Al ingots, and Al-20 wt.%
Fe master alloy were melted in furnace at 760 ◦C; (2) A suitable quantity of Al-20 wt.% Y
master alloy was added at 730 ◦C and held for 15 min after addition; (3) The temperature
of furnace was reduced to 720 ◦C for degassing and slag removal to obtain a purified
melt; (4) The molten alloy was subsequently poured into a steel mold, thus producing
the experimental cast samples for further analysis. Before the alloy was poured, the mold
was placed in a muffle furnace for preheating, with the temperature set to 250 ◦C. The
composition of the experimental alloys was determined using a direct reading spectrometer,
as presented in Table 1.

Table 1. Chemical composition of Al alloy samples (wt.%).

Alloy Fe Y Si Al

AA8176 1.02 <0.01 <0.05 Bal.
03Y 1.09 0.29 <0.05 Bal.
05Y 1.04 0.52 <0.05 Bal.
07Y 0.98 0.68 <0.05 Bal.
09Y 1.01 0.91 <0.05 Bal.

To systematically analyze the effects of Y addition on the microstructural evolution and
mechanical properties of AA8176 Al alloy, a comprehensive set of experimental procedures
was established. The sizes of specimens for metallographic observation and tensile test are
shown in Figure 1. Metallographic samples were taken from the prospective near-fracture
zone of tensile specimens, with the sampling location illustrated in Figure 1. Before the met-
allographic observation, the samples were sequentially mechanically ground with SiC sand-
papers of #180, #400, #800, #1200 and #2000, and subsequently followed by polishing with
diamond paste to achieve a mirror-like surface finish. After that the samples were etched
with a solution of Keller’s reagent (2.5 mL HNO3 + 1.0 mL HF + 1.5 mL HCl + 95 mL H2O)
for 10 s.

Metallographic observation was carried out using a PA53MET (Panthera, Chengdu,
China) optical microscope. The SDAS of alloys was measured by the line intercept method
using Image J 1.46r software. Phase analysis was performed with X-ray diffractometer
using a D/MAX-2500/PC X-ray diffractometer (Rigaku, Tokyo, Japan) equipped with
a Cu Kα radiation source. The diffraction patterns were recorded over a 2θ range of
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20◦ to 90◦ at a scanning speed of 5◦/min. The microstructure and fracture morphology were
examined using a Regulus8100 field emission scanning electron microscope (HITACHI,
Tokyo, Japan). The Al13Fe4 and Al10Fe2Y phases were further characterized by FEI Tecnai
F20 transmission electron microscopy (FEI Company, Hillsboro, OR, USA). The samples for
TEM observation were prepared using a TJ100-BE automatic twinjet electropolisher (LEBO,
Jiangyin, China). The cooling curves of the alloy during solidification were measured
using a THMA010K temperature recorder (TengHui, Yuyao, China) coupled with a K-
type thermocouple inserted into the melt center to ensure reliable temperature monitoring
throughout solidification. Tensile tests were conducted on an AI-700 tensile testing machine
(Gotech, Taiwan, China), following GB/T 228.1-2021, at room temperature with a tensile
speed of 5 mm·min−1. As shown in Figure 1, the bone-shaped specimens were used for
tensile property testing, with five tests conducted for each composition.

Figure 1. Schematic of (A) microstructure observation and (B) tensile test specimen.

3. Results

3.1. The Microstructure of AA8176-xY
3.1.1. Metallographic Observation

The microstructures of as-cast AA8176 Al alloys with varying Y contents were char-
acterized using optical microscopy, as presented in Figure 2a–e. The microstructure of
unmodified AA8176 alloy is predominantly composed of α-Al and eutectic structure [37].
As shown in Figures 2a and 3a, the eutectic iron-rich phases in the unmodified AA8176
alloys predominantly exhibited coarse needle-like morphology with an average length
of 10.01 μm. These coarse needle-like iron-rich phases were located within interdendritic
regions. And the stress concentration during plastic deformation is greatly promoted by
these coarse needle-like iron-rich phases, leading to a decline in the mechanical properties.

With the Y content increasing from 0 wt.% to 0.5 wt.%, significant changes in the
morphology of the iron-rich phases were observed. The average length of the iron-rich
phases was decreased from 10.01 μm to 2.65 μm, transforming into short rod-like and
particulate morphologies as shown in Figure 2b,c and Figure 3a. When the Y content was
further increased to 0.7 wt.%, the average length of iron-rich phases exhibited an increasing
trend as illustrated in Figure 2d. When the Y content was 0.9 wt.%, the average length
of iron-rich phases was significantly increased to 7.87 μm, as shown in Figures 2e and 3a.
Concurrently, a notable increase in the number of secondary phases within the alloy
was observed.

To further analyze the effect of Y addition on the microstructure of AA8176 alloy,
the SDAS of the α-Al matrix was measured for all alloys using the line intercept method
in Image J 1.46r software. For the unmodified AA8176 alloy, the α-Al dendrites were
relatively coarse, corresponding to an SDAS value of approximately 31.33 μm as shown
in Figure 3b. With the Y addition to AA8176 alloys, the SDAS values of the AA8176 alloy
with 0.3–0.9 wt.% Y were 24.03 μm, 20.24 μm, 20.45 μm, and 20.38 μm, respectively. It
is confirmed by these results that the addition of Y promotes the refinement of both the
iron-rich phases and the α-Al dendritic structure. Notably, no further enhancement in the
refinement effect of Y on α-Al was observed when the Y content exceeded 0.5 wt.%.
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Figure 2. OM images of as-cast AA8176 alloys with different Y contents: (a) AA8176; (b) Alloy 03Y;
(c) Alloy 05Y; (d) Alloy 07Y; (e) Alloy 09Y.

 

 

(a) (b) 

Figure 3. (a) Distribution of the length of iron-rich phases in as-cast AA8176 alloys with different Y
contents; (b) SDAS of AA8176 alloys with different Y contents.

3.1.2. SEM and XRD Analysis

Figure 4 and Table 2 display SEM images and corresponding EDS analysis results for
the AA8176 alloys with different Y contents. According to the X-ray diffraction patterns
shown in Figure 5, except for α-Al matrix, the presence of the Al13Fe4 phases was detected
in all AA8176 alloys with different Y contents, which is consistent with the reference code
from the Joint Committee on Powder Diffraction Standards (JCPDS) Card No. 29-0042
reference code [38].
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Figure 4. SEM images of as-cast AA8176 alloys with different Y contents: (a) AA8176; (b) Alloy 05Y;
(c) Alloy 09Y. (d) Extremely coarse Al13Fe4 and Al10Fe2Y phases in Alloy 09Y.

Table 2. Composition of Al alloy samples (at. %).

Point Al K Fe K Y K Possible Phase

A 74.44 25.56 — Al13Fe4
B 89.90 6.49 3.61 Al10Fe2Y
C 78.12 21.88 — Al13Fe4
D 76.82 23.72 — Al13Fe4
E 84.21 9.70 6.09 Al10Fe2Y

 
Figure 5. XRD patterns of the AA8176 alloys with different Y contents.
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As illustrated in Figure 4a, the microstructure of the as-cast AA8176 alloy was primarily
composed of α-Al matrix and coarse needle-like Al13Fe4 phases distributed along the grain
boundaries. When the Y content was increased to 0.5 wt.%, the iron-rich phases were
refined into short rod-like and particulate morphologies instead of the coarse needle-like
structures, as shown in Figure 4b. Furthermore, EDS results for points B and C (Table 2)
indicated the presence of Al-Fe-Y ternary phases attached to Al13Fe4 phases in the Alloy
05Y. Statistical analysis was performed on the iron-rich phase sizes in Figure 4b. The
results show that the average size of the Al13Fe4 phases is 2.41 μm, while that of the Al-
Fe-Y ternary phases is 1.54 μm. In contrast, when the Y content exceeded 0.5 wt.%, the
refinement efficiency of Y was diminished. As shown in Figure 4c, the average length of
iron-rich phases in Alloy 09Y was increased, with an increase in both the quantity and
size of the Al-Fe-Y ternary phases. The average size of the Al13Fe4 phases in Figure 4c is
6.75 μm, while that of the Al-Fe-Y ternary phases is 3.01 μm. Moreover, as illustrated in
Figure 4d, a morphology characterized by the aggregation of extremely coarse Al13Fe4 and
Al-Fe-Y ternary phases was observed in Alloy 09Y. And the average size of these coarse
Al-Fe-Y ternary phases was increased to 5.82 μm. The formation of these Al-Fe-Y ternary
phases around the coarse Al13Fe4 phases was confirmed by EDS results from points E and
F (Table 2). And it was revealed by the comparison of the average sizes of the two iron-rich
phases in alloys with different Y contents that the ternary Al-Fe-Y phases exhibit a finer
average size than the Al13Fe4 phases.

According to the XRD patterns in Figure 5, the Al10Fe2Y phases were detected in the
Alloy 05Y, Alloy 07Y, and Alloy 09Y, which is consistent with the JCPDS Card No. 53-0532
reference code [39]. Furthermore, in the XRD pattern of Alloy 09Y, the peak intensity of
Al10Fe2Y phases was increased, while that of Al13Fe4 phases was decreased. This trend
is mainly attributed to the consumption of Fe atoms by the formation of coarse Al10Fe2Y
phases, which results in a reduction of Fe available for Al13Fe4 phases precipitation. Based
on the elemental ratios obtained from EDS and XRD patterns, the Al-Fe-Y ternary phases
observed in the SEM images (Figure 4) are most likely to be the Al10Fe2Y phases.

3.1.3. TEM Observation

Initial morphological characterization and EDS analysis were conducted on the sec-
ondary phases possibly containing Fe and Y elements in Alloy 05Y, as indicated by earlier
SEM observations. The Y elemental mapping clearly reveals the enrichment of Y at the
periphery of the Al13Fe4 phases, indicating the in situ formation of Al-Fe-Y ternary phases
through its reaction with Al and Fe, as shown in Figure 6d.

 

Figure 6. Cont.
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Figure 6. TEM characterization of the as-cast Alloy 05Y: (a): TEM bright-field image of Alloy;
(b–d): EDS mapping results of Al13Fe4 phase and Al10Fe2Y phase; (e,f): SAED patterns in the selected
areas A and B, respectively.

To further identify the crystal structure of these phases, SAED patterns were collected
from point A (corresponding to Al13Fe4 phases) and point B (corresponding to Al-Fe-Y
ternary phases), as shown in Figure 6e,f, respectively. The SAED pattern acquired at point
A can be indexed to the Al13Fe4 phases. Due to the greater sample thickness at point B,
the SAED pattern obtained from this location contained contributions from more than one
kind phase, which was confirmed to consist mainly of α-Al matrix and Al10Fe2Y phase, as
illustrated in Figure 6f.

3.1.4. Cooling Curves

The cooling curves and differential curves for AA8176 alloy, Alloy 05Y and Alloy
09Y are shown in Figure 7 and the characteristic temperatures of the eutectic reaction
summarized in Table 3. TEN, TEU, and TEG denote the eutectic nucleation temperature,
eutectic minimum undercooling temperature and eutectic growth temperature, respectively.
According to the Al-Fe alloy binary phase diagram, the eutectic temperature of Al-Fe alloys
is approximately 655 ◦C [40], which is consistent with the characteristic values measured for
the AA8176 alloy. With the addition of 0.5 wt.% Y, TEN was decreased to 649.9 ◦C and TEG

was decreased to 643.6 ◦C, respectively, indicating the adsorption and hindering effects of
Y during the nucleation and growth processes of Al13Fe4 eutectic phases [41]. Additionally,
a new peak emerged in the cooling curve, with a nucleation temperature around 626.8 ◦C,
corresponding to the nucleation and growth of the Al10Fe2Y phases [42]. When the Y
content was increased to 0.9 wt.%, only minor changes were detected on the values of both
TEN and TEG, indicating the adsorption and hindering effects of Y on the eutectic structure
were not further enhanced. In contrast, the T′

EN of Alloy 09Y was significantly increased,
suggesting that the nucleation and growth of Al10Fe2Y phases were greatly promoted by
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higher Y content. This also directly explains the presence of numerous coarse Al10Fe2Y
phases in Alloy 09Y.

 

Figure 7. Cooling curves of (a): AA8176; (b): Alloy 05Y; (c): Alloy 09Y.

Table 3. Characteristic values of eutectic reaction.

Alloy TEN (◦C) TEU (◦C) TEG (◦C) T′
EN (◦C)

AA8176 656.2 646.9 647.0 —
Alloy 05Y 649.9 643.1 643.5 626.8
Alloy 09Y 651.1 642.6 642.9 634.7

3.2. Mechanical Property

The mechanical properties of cast AA8176 alloys with different Y contents are pre-
sented in Figure 8 and Table 4. In unmodified AA8176 alloy, the ultimate tensile strength
of the alloy was 84.47 MPa, the yield strength was 50.71 MPa, and the elongation was
18.6%. Optimal mechanical properties were achieved when the Y content was increased to
0.5 wt.%. The ultimate tensile strength was increased to 96.86 MPa, the yield strength was
increased to 57.21 MPa and elongation was increased to 23.1%. However, further increase
in Y content to 0.9 wt.% led to a reduction in ultimate tensile strength, yield strength and
elongation. Therefore, it can be deduced that the ultimate tensile strength, yield strength
and the elongation of the AA8176 alloys exhibited a trend of firstly increasing and then
decreasing with rising Y content. As shown in Figure 8c and Table 4, the Vickers hardness
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of AA8176 alloy with varying Y content also followed a similar trend. When the Y content
was increased from 0 to 0.5 wt.%, the Vickers hardness was increased from 27.28 HV to
30.55 HV. And the Vickers hardness was decreased to 28.74 HV with further Y addition to
0.9 wt.%.

Figure 8. (a) Engineering stress–strain curves (b) Mechanical properties of AA8176 alloys with
different Y contents (c) Vickers hardness of AA8176 alloys with different Y contents.

Table 4. Mechanical properties of AA8176 alloys with different Y contents.

Alloy UTS (MPa) YS (MPa) Elongation (%) Hardness (HV)

AA8176 84.47 50.71 18.6 27.28
Alloy 03Y 92.81 54.92 21.2 29.13
Alloy 05Y 96.86 57.21 23.1 30.55
Alloy 07Y 91.59 54.14 20.9 29.28
Alloy 09Y 87.10 51.78 18.8 28.74

Figure 9 presents the fracture surfaces of the as-cast AA8176 alloys with different
Y contents. In the unmodified AA8176 alloy, shallow and irregularly sized dimples are
observed with coarse iron-rich phase particles within the dimples (point A), as shown in
Figure 9a. This is attributed to the presence of coarse, brittle iron-rich phases in AA8176
alloy. During deformation, stress concentration and rapid crack propagation, promoted by
these coarse iron-rich phases, significantly inhibit the growth of dimples. Consequently,
the non-uniform size and distribution of the iron-rich phases directly resulted in variability
in dimple sizes. For Alloy 05Y, deeper and more uniformly distributed dimples were
observed, with modified iron-rich phases observed within the dimples (point B), as shown
in Figure 9c. The refined iron-rich phases mitigate stress concentration during deformation.
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This allows dimples to undergo more extensive growth, leading to the formation of deeper
dimples. Moreover, the uniform size and distribution of these refined phases result in a
corresponding uniformity in dimple size. However, when the Y content exceeded 0.5 wt.%,
the weakening refinement effect of Y on the Al13Fe4 phases and formation of coarse
Al10Fe2Y phases resulted in a subsequent reduction in the ductility. Correspondingly,
the fracture surfaces exhibited a tendency toward shallower dimples and an increased
presence of coarse iron-rich phases (point C). Figure 9f shows the morphology of the
tensile fracture side of Alloy 05Y. It reveals that obvious microcrack initiate at iron-rich
phases and propagate along the interface between the iron-rich phases and the matrix.
This behavior is consistent with the phenomenon observed in the AA8176 alloy shown in
Supplementary Figure S1.

 

 

 

Figure 9. SEM image of tensile fracture morphology: (a) AA8176; (b) Alloy 03Y; (c) Alloy 05Y;
(d) Alloy 07Y; (e) Alloy 09Y; (f) SEM image of tensile fracture side of Alloy 05Y.
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4. Discussion

4.1. Effect of Y Addition on α-Al Dendrite

As the total solid–liquid interface area between dendritic arms in the system is grad-
ually decreased, neighboring dendritic arms are grown and merged, resulting in the
formation of coarse dendritic structures during the solidification process. The atomic radii
of the rare earth element Y and Al are 0.182 nm and 0.143 nm [35], respectively, resulting
in a difference of 27%. According to the Hume-Rothery rule, the formation of solid solu-
tions is inhibited by a radius difference exceeding 15% between solvent and solute [43].
Consequently, Y exhibits extremely low solubility in the Al matrix (less than 0.035 mol.%
at 573 K [44]), and enrichment of Y atoms at the dendritic fronts tends to occur during
solidification. The growth and merging of dendritic arms are restricted by this enrichment,
thereby refining the SDAS of α-Al matrix [45]. The growth induced by element enrichment
is described based on the growth restriction factor (GRF) as follows [20,46]:

GRF = CY·m·(k − 1)

where CY is the concentration of solute Y in the alloy melt, m is the liquidus slope, and k is
the equilibrium partition coefficient [20]. For the Al–Y alloy system, m = 4.98 and k = 0.5
are given by the Al–Y binary phase diagram. For the AA8176 alloy with 0.5 wt.% Y, the
calculated GRF is approximately 1.25 K, the growth of α-Al is effectively inhibited by the
addition of Y.

4.2. Effect of Y Addition on Iron-Rich Phases

The Al13Fe4 phases prefer to grow along the [010] orientation, resulting in the for-
mation of coarse needle-like and plate-like morphologies during solidification [24]. The
influence of active solute atoms on crystal growth is theoretically explained through doping
(substitutional incorporation) and adsorption (surface segregation). There exists a signifi-
cant difference in atomic radius between Y atoms and Al/Fe atoms—specifically, the atomic
radius of Y, Al, and Fe are 0.182 nm, 0.143 nm, and 0.128 nm, respectively [35,47]. Owing
to this remarkable size mismatch, Y atoms cannot easily substitute Al or Fe atoms in the
Al13Fe4 phases. According to result of EDS, rare Y element was detected in the eutectic
Al13Fe4 phase, which directly confirms that the doping of Y atoms into Al13Fe4 phases is not
the main mechanism for the refinement of Al13Fe4 phases. This experimental observation
is consistent with the theoretical calculation results reported by Pang et al. [31], which
show that Y doping into Al13Fe4 phases increases their formation enthalpy. In contrast, the
adsorption of Y on the (010) plane is an exothermic reaction, Y atoms are easily adsorbed
on the (010) plane during the solidification process. The adsorption of Y atoms modifies
the surface structure of the (010) plane and impedes the preferential growth along the
[010] direction. In the final solidification stage, Y atoms eventually form Al10Fe2Y ternary
phases [31,42]. When the Y content reaches 0.9 wt.%, excessive aggregation of Y atoms
significantly increases the nucleation temperature of the Al10Fe2Y phases. The nucleation
and growth of coarse Al10Fe2Y phases leads to a massive consumption of Y atoms. This
reduces the amount of Y atoms for inhibiting the preferential growth of the Al13Fe4 phases,
resulting in a weakened refinement effect [20].

4.3. Strengthening Mechanism

Due to the extremely low solid solubility of Y and Fe in the Al matrix and the fact
that the mechanical test specimens used in this study underwent no plastic deformation
processing, solid solution strengthening and dislocation strengthening are not considered
to be the primary mechanisms responsible for the enhancement in mechanical properties.
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Thus, the enhancement of ultimate tensile strength can be attributed to two factors. First,
Al13Fe4 intermetallic compounds are second phases with high hardness and brittleness,
distributing on the α-Al matrix. During tensile process, deformation of the alloy is hin-
dered by the Al13Fe4 phases distributed between the grains, resulting in the formation of
dislocations [48].

However, in the AA8176 alloy without Y addition, the coarse Al13Fe4 phases can
induce stress concentrations, which adversely affects the mechanical properties of the alloy.
When the Y addition was increased to 0.5 wt.%, the morphology of the Al13Fe4 phases
was transformed into short rod-like and particulate with an average length of 2.65 μm.
Consequently, the stress concentration during plastic deformation is effectively mitigated
by this refinement for Al13Fe4 phases. Meanwhile, the number of secondary phases in
the alloy matrix is further increased by the formation of Al10Fe2Y phases, which grow
around the Al13Fe4 phases. The mechanical properties of the AA8176 alloy with 0.5 wt.%
Y are enhanced by this dual effect. When the Y addition exceeded the optimal content
of 0.5 wt.%, no further enhancement in the adsorption effect of Y on Al13Fe4 phases was
observed. However, the nucleation and growth temperature of the Al10Fe2Y phases was
increased by the excessive addition of Y. The Y atoms that would otherwise inhibit the
growth of Al13Fe4 are consumed by the growth of the Al10Fe2Y phases, eventually leading
to the formation of coarse Al13Fe4 and Al10Fe2Y phases, which consequently results in the
degradation of mechanical properties.

Secondly, the SDAS of the AA8176 alloys was significantly reduced by the addition of
Y, leading to a more refined microstructure. Secondly, the addition of Y significantly reduces
the SDAS of the AA8176 alloys, resulting in a more refined microstructure. Generally, finer
grains lead to a higher density of grain boundaries. Dislocation movement is effectively
hindered and dislocation pile-up is induced by this increased boundary density, resulting
in a significant improvement in the strength of the AA8176 alloys.

Gerbe et al. [49] proposed that in hypoeutectic alloys, the dendritic regions are re-
garded as behaving similarly to grain boundaries in polycrystalline alloys, since the eutectic
zones between dendrites are traversed by slip planes. The SDAS is considered analogous
to grain size in the Hall–Petch relationship, whereby a reduction in the mean free path of
dislocation motion during plastic deformation is produced by smaller dendritic regions,
thus further enhancing the strength of the AA8176 alloys.

5. Conclusions

For the as-cast AA8176 alloys, an optimal microstructure was achieved by the addition
of 0.5 wt.% Y. In the unmodified AA8176, the microstructure is predominantly composed
of the α-Al phases and the eutectic structure. The SDAS of α-Al phases was measured to be
approximately 31.33 μm, and a needle-like morphology with an average length of 10.01 μm
was exhibited by the iron-rich phases. In contrast, after the addition of 0.5 wt.% Y, the
SDAS of the alloy was decreased to 20.24 μm, and the iron-rich phases were transformed
into short rod-like and particulate forms with an average length of 2.65 μm. When the Y
content exceeded 0.5 wt.%, no significant change in the SDAS of α-Al phases was observed,
while an increase in both the number and average size of the iron-rich phases occurred.

In the unmodified AA8176 alloy, the iron-rich phases consist of Al13Fe4 phases. The
refinement of the Al13Fe4 phases is primarily attributed to the adsorption effect of Y
atoms around these phases. Microstructural observations revealed that small-size Al10Fe2Y
ternary phases were attached to the surfaces of Al13Fe4 phases in the AA8176 alloy with
0.5 wt.% Y content. When the Y content exceeded 0.5 wt.%, the coarse Al10Fe2Y phases
were formed. And a substantial consumption of Y atoms is caused by the growth of these
Al10Fe2Y phases, resulting in a weakening of the refinement effect.
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With the Y content increased, a trend of initially increasing and then decreasing was
exhibited by the mechanical properties of the cast AA8176 alloys. When the Y content
was 0.5 wt.%, an optimal balance of strength and ductility was achieved, with ultimate
tensile strength, yield strength, elongation, and Vickers hardness measured at 96.86 MPa,
57.21 MPa, 23.1%, and 30.55 HV, respectively. The primary strengthening mechanism of
the AA8176 alloys is attributed to the refinement in the morphology of iron-rich phases
and reduction in the SDAS of α-Al matrix. When the Y content exceeded 0.5 wt.%, coarse
Al10Fe2Y phases were formed, and the refining effect was reduced. The deterioration in the
mechanical properties of the alloy is attributed to both coarse Al13Fe4 phases and Al10Fe2Y
phases lead to worse mechanical properties of the alloy.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/cryst16010028/s1, Figure S1. OM image of tensile fracture side
of AA8176 alloy.
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Abstract

To address the challenge of controlling Fe impurity content during the recycling of alu-
minum alloys, this study utilized commercial 5083 aluminum alloy as a matrix to prepare al-
loy samples with four different Fe contents via smelting. The effects of Fe content on the mi-
crostructure, mechanical properties, and corrosion resistance of the as-cast 5083 aluminum
alloy were systematically investigated. The results indicate that increasing the Fe content
induces a significant morphological evolution of the Fe-rich phases, transitioning from com-
pact Chinese-script α-Al(Fe,Mn)Si phases at low Fe levels to coarse needle-like β-AlFeSi
phases. Concurrently, both the quantity and size of the second phases increase significantly.
Mechanical testing reveals that the hardness of the alloy gradually rises from 67 HV to
72 HV due to second-phase strengthening. The tensile strength shows a trend of initially
increasing and then decreasing, peaking at 0.45 wt.% Fe; however, excessive Fe leads to
the formation of needle-like phases that cause stress concentration, resulting in a decline
in tensile strength. The elongation decreases gradually with increasing Fe content, with a
maximum reduction of 19.7%. Electrochemical tests show that higher Fe content increases
the self-corrosion current density and decreases the capacitive loop radius, indicating a
significant degradation in the alloy’s corrosion resistance. This work provides an experi-
mental basis for the tolerance control of Fe impurities and the performance optimization of
recycled 5083 aluminum alloys.

Keywords: 5083 aluminum alloy; iron-rich phase; microstructure; mechanical properties;
corrosion resistance

1. Introduction

The global aluminum industry stands at a pivotal juncture in the mid-2020s, driven
by an urgent necessity to decarbonize metallurgical supply chains and transition towards
a truly circular economy. As of 2025, the demand for aluminum products, particularly in
the transportation and marine sectors, has surged, with global consumption projected to
increase by over 80% by 2050. This growth is inextricably linked to the “lightweighting”
revolution in automotive and aerospace engineering, where high-strength-to-weight ratio

Crystals 2026, 16, 192 https://doi.org/10.3390/cryst16030192
98



Crystals 2026, 16, 192

materials are essential for improving fuel efficiency and extending the range of electric ve-
hicles. However, primary aluminum production remains energy-intensive, consuming ap-
proximately 14,000–17,000 kWh per tonne and generating significant perfluorocarbon and
CO2 emissions [1,2]. However, secondary aluminum production—recycling—consumes
only about 5% of the energy required for primary extraction from bauxite ore, releasing ap-
proximately 95% fewer greenhouse gases. The integration of recycled material, or “scrap,”
into high-value wrought alloy production is therefore not merely an economic opportunity
but an environmental imperative [3].

5083 aluminum alloy, a typical Al-Mg series corrosion-resistant alloy, has been widely
used in aerospace and transportation industries owing to its low density, excellent thermal
and electrical conductivity, vibration damping, and electromagnetic shielding proper-
ties [4]. However, with the surging demand for aluminum recycling, the development and
utilization of recycled aluminum have become a critical pathway for achieving material
sustainability. During the recycling process, iron (Fe) is the most difficult impurity element
to remove and tends to accumulate. Although the equilibrium solid solubility of Fe in
pure aluminum is extremely low (0.05 wt.%) [5], the precipitation behavior in 5083 alloys
is far more complex due to the presence of Mn and Si. In this multicomponent system,
the phase selection is governed by the competitive formation between the equilibrium
α-phase and the metastable β-phase. Importantly, the interaction between Mn, Si, and Fe
plays a decisive role. Mn is known to substitute for Fe atoms in the intermetallic lattice,
promoting the formation of the compact, body-centered cubic α-Al(Fe,Mn)Si phase. Si is
also essential for stabilizing this phase. However, when the Fe content exceeds the capacity
of available Mn, the thermodynamic stability shifts. The insufficient Mn/Si interaction
leads to the precipitation of the monoclinic β-AlFeSi phase (or Al3Fe), which shows a
detrimental needle-like morphology. Therefore, the microstructural evolution is not merely
a function of Fe supersaturation but is dictated by the stoichiometric balance between Fe,
Mn, and Si.

Research indicates that the morphology, size, and distribution of Fe-rich phases are
critical factors determining alloy performance. Generally, Fe forms polygonal or skeleton-
like α-Fe phases (commonly referred to as “Chinese-script” morphology in the literature
due to their intricate branching shape), as well as needle-like or platelet-like β-Fe phases in
aluminum alloys [6]. Among them, the Chinese-script α-phase shows good bonding with
the matrix and is less detrimental to properties, whereas the coarse needle-like β-phase is
considered a harmful phase. In terms of mechanical properties, the hard and brittle needle-
like β-phase severely severs the continuity of the aluminum matrix. Under stress, it easily
causes stress concentration at its tips, acting as a source for crack initiation and accelerating
crack propagation, thereby significantly reducing the strength, ductility, and fatigue life
of the alloy [7–12]. From a casting perspective, needle-like phases can impede the flow of
the melt and induce micro-porosity between dendrites, increasing the porosity rate [13]. In
corrosive environments, Fe-rich phases act as cathodes to form micro-galvanic corrosion
couples with the aluminum matrix, accelerating matrix dissolution and deteriorating
corrosion resistance [14]. Therefore, controlling the morphology and evolution of Fe-rich
phases is central to enhancing the performance of recycled aluminum alloys.

While the behaviors of Fe impurities have been extensively studied in Al-Si casting
alloys [10] and high-pressure die-cast Al-Mg systems [15], significant knowledge gaps re-
main regarding the specific evolution of Fe-rich phases in recycled 5083 wrought aluminum
alloys. Unlike Al-Si alloys dominated by eutectic Si, or die-cast Al-Mg alloys where Fe is
often tolerated to prevent die soldering under rapid cooling, the 5083 system relies heavily
on Mn alloying for strengthening under gravity casting conditions. Consequently, the spe-
cific evolution mechanism of Fe-rich phases and their correlation with microstructural and
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property degradation in this system have not been comprehensively understood. Distinct
from the grain size control in previous works [16], this study systematically investigates
the effects of Fe elements on the microstructural evolution and comprehensive properties
of 5083 aluminum alloy by synthesizing alloys with varying Fe contents. The aim is to
provide a theoretical basis for the tolerance control of composition and impurity phase for
high-quality recycled 5083 aluminum alloys.

2. Materials and Methods

Commercial 5083 aluminum alloy and Al-10Fe master alloy were selected as raw
materials. The melting process was conducted in a well-type resistance furnace (SG2-7.5-12,
Shanghai Shiyan Electric Furnace Co., Ltd., Shanghai, China). The melt temperature
was controlled within the range of 750–760 ◦C. After refining and degassing with C2Cl6,
followed by a holding period and slag skimming, the melt was cast into molds. The
chemical compositions of the commercial 5083 aluminum alloy and the Al-10Fe master
alloy are listed in Tables 1 and 2, respectively. To ensure the accuracy of the alloying process,
the actual chemical compositions of the as-cast ingots were quantitatively analyzed using
XRF spectrometry (S8 TIGER, Bruker, Karlsruhe, Germany). The measured compositions
are presented in Table 3. The analysis confirms that the actual Fe contents (0.262, 0.463,
0.664, and 0.871 wt.%) align closely with the nominal design values (0.25, 0.45, 0.65, and
0.85 wt.%).

Table 1. 5083 aluminum alloy chemical composition (wt.%).

Si Fe Cu Mn Mg Cr Ni Zn Ti Na Al

0.38 0.25 0.03 0.51 4.32 0.11 - 0.04 0.02 - Balance

Table 2. Chemical composition of AlFe10 intermediate alloy (wt.%).

Si Fe Ni Cu Zn Cr Mn Ti Pb Al

0.12 10.11 - 0.01 0.01 0.01 0.001 - - Balance

Table 3. Chemical compositions of the experimental alloys measured by XRF (wt.%).

Alloy Group Fe (Nominal) Fe (Actual)

Low-Fe 0.25 0.242
Med-Fe 0.45 0.463

High-Fe A 0.65 0.664
High-Fe B 0.85 0.871

Four distinct experimental alloys were designed to simulate varying degrees of contam-
ination in recycled aluminum streams, ranging from high-purity primary metal equivalents
to heavily contaminated scrap:

Alloy A (Baseline): 0.25 wt.% Fe—Represents high-quality recycled or primary 5083.
Alloy B: 0.45 wt.% Fe—Represents the upper limit of many current

industrial specifications.
Alloy C: 0.65 wt.% Fe—Represents a “mixed scrap” scenario common in unrefined

recycling streams.
Alloy D: 0.85 wt.% Fe—Represents heavily contaminated material, often categorized

as “downcycling” grade.
The alloy preparation was conducted in a laboratory-scale well-type resistance furnace

using high-density graphite crucibles (SG2-7.5-12, Shanghai Shiyan Electric Furnace Co.,
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Ltd., Shanghai, China), which were coated with a boron nitride wash and pre-fired at 300 ◦C
for 2 h to prevent iron contamination and eliminate volatiles. Commercial 5083 ingots were
subsequently melted at a controlled temperature of 750–760 ◦C to optimize fluidity while
minimizing magnesium oxidation; once the melt stabilized, calculated quantities of Al-10Fe
master alloy were added and manually stirred with a preheated high-purity graphite rod for
5 min to ensure homogeneity. To remove dissolved hydrogen and non-metallic inclusions,
the melt was treated with 0.5 wt.% hexachloroethane (C2Cl6) flux and held for 10 min, a
method selected for its high laboratory efficiency despite shifting industrial preferences
toward inert gas degassing. Finally, after skimming the surface dross, the melt was poured
into a permanent steel mold preheated to 250 ◦C to control cooling rates and prevent defects
such as cold shuts, after which the castings were air-cooled to room temperature.

Specimens (15 mm × 15 mm × 5 mm) were sectioned from the geometric center of the
solidified ingots to minimize artifacts associated with the chill zone and macro-segregation
near the riser, and subsequently mounted in a conductive thermosetting phenolic resin. The
samples underwent a standard metallographic preparation sequence, beginning with planar
grinding using SiC papers of increasing fineness (240 to 2000 grit) under water lubrication,
followed by rough polishing with a 3 mm diamond suspension on a napless cloth, and
concluding with a 0.05 mm colloidal silica suspension to achieve a deformation-free mirror
finish. To reveal grain boundaries and second-phase intermetallics, the polished surfaces
were chemically etched for 10–20 s using Keller’s Reagent, immediately followed by warm
water rinsing and ethanol drying. Microstructural characterization was performed using
optical microscopy (PA53MET, Motic, Xiamen, China) and scanning electron microscopy
(TM4000, Hitachi, Tokyo, Japan) at an accelerating voltage of 20 kV, while energy-dispersive
X-ray spectroscopy (Rigaku D/MAX 2500V, Rigaku, Tokyo, Japan) was employed for semi-
quantitative elemental analysis to discriminate between Al-Fe-Mn-Si and Al-Fe-Si phases.

Tensile tests were conducted in accordance with GB/T 16865-2023 [17]. Standard
tensile specimens with a gauge length of 20 mm were extracted from the exact center of the
ingot using wire electrical discharge machining, with specific dimensions illustrated in Fig-
ure 1. After sectioning, the specimens were cleaned with kerosene and anhydrous ethanol
to remove surface contaminants, followed by light grinding with sandpaper to eliminate
machining marks. Tensile properties of alloys with different Fe contents were evaluated
at room temperature using an Instron 8801 universal testing machine (Instron, Norwood,
MA, USA), with a crosshead speed set to 1 mm/min. For each alloy composition, three
parallel specimens (n = 3) were tested to ensure statistical reliability. The reported tensile
strength and elongation values represent the average of these three measurements, with
error bars indicating the standard deviation. Microhardness testing was performed using
an NVM-1000A nano/micro indentation hardness tester (Shanghai Lunjie Electromechani-
cal Instrument Co., Ltd., Shanghai, China). The samples were ground and polished to a
mirror finish. To ensure statistical reliability and minimize the influence of microstructural
heterogeneity, seven uniformly distributed indentations (n = 7) were performed on each
sample. The reported hardness values represent the mean ± standard deviation of these
seven measurements, providing a robust assessment of the alloy’s mechanical properties.
The test parameters were set as follows: a load duration of 15 s and an applied load of
0.5 kgf. Experimental data were analyzed using Origin software (Version 2024, Origin-
Lab Corporation, Northampton, MA, USA) to generate a plot illustrating the variation in
hardness of the 5083 aluminum alloys with different iron contents.

Electrochemical performance testing was conducted using a CHI750E electrochemical
workstation (Shanghai Chenhua Instrument Co., Ltd., Shanghai, China) configured with a
standard three-electrode cell. A 3.5 wt.% NaCl solution served as the corrosive electrolyte.
The aluminum alloy sample acted as the working electrode, a platinum plate as the counter
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electrode, and a saturated calomel electrode (SCE) as the reference electrode. The exposed
testing area was 1 cm2. Electrochemical impedance spectroscopy (EIS) measurements were
first performed at the open circuit potential, with an applied sinusoidal perturbation signal
frequency sweeping from 10−2 Hz to 105 Hz and an amplitude of 5 mV. This was followed
by potentiodynamic polarization curve testing, conducted at a constant scan rate of 1 mV/s.
The entire testing procedure was carried out at room temperature. The acquired EIS data
and polarization curves were subsequently fitted and analyzed.

 
Figure 1. Size specification of tensile specimen.

3. Discussion

3.1. Microstructure of the As-Cast Alloy

The as-cast phases of the 5083 aluminum alloy consist primarily of the Al matrix,
(Fe,Mn)Al6, Al3Mg2, and a small amount of Mg2Si [16]. In this study, four groups of alloys
with varying Fe contents (0.25 wt.%, 0.45 wt.%, 0.65 wt.%, and 0.85 wt.%) were prepared.
Their corresponding as-cast metallographic microstructures are presented in Figure 2a–d,
all obtained at a magnification of 200×.

 

Figure 2. Metallographic organization of 5083 aluminum alloy in cast state with different Fe content:
(a) 0.25 wt.%; (b) 0.45 wt.%; (c) 0.65 wt.%; (d) 0.85 wt.%.

Figures 2–4 illustrate the microstructural evolution of the as-cast alloys as a function
of Fe content. The matrix is identified as α-Al, while the primary second phases appear
as light gray constituents. To identify the specific phase stoichiometries, quantitative EDS
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point analysis was performed on the marked regions in Figure 3, and the detailed chemical
compositions are listed in Table 4.

Figure 3. SEM morphologies and specific EDS phase analyses of the as-cast 5083 aluminum alloys:
(a) SEM image of the alloy with 0.25 wt.% Fe, showing predominantly Chinese-script phases; (b) SEM
image of the alloy with 0.85 wt.% Fe, showing a mix of coarse needle-like and skeleton-like phases;
(c,d) EDS spectra corresponding to Point 1 and Point 2 marked in (a), confirming the composition of
the Mn-rich α-Al(Fe,Mn)Si phases; (e,f) EDS spectra corresponding to Point 1 and Point 2 marked in
(b). Note that Point 1 retains a higher Mn/Fe ratio, whereas Point 2 shows a high Fe concentration
characteristic of the needle-like β-AlFeSi phase, evidencing the phase transformation mechanism.

 

Figure 4. Scanning images of 5083 aluminum alloy with different Fe content in cast state: (a) 0.25 wt.%;
(b) 0.45 wt.%; (c) 0.65 wt.%; (d) 0.85 wt.%.
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Table 4. Chemical composition of the typical phases in as-cast 5083 alloys analyzed by EDS (corre-
sponding to points in Figure 3).

Alloy
(wt.% Fe)

Point
Location

Mg Al Si Fe Mn

0.25 wt.% 1 4.75 94.72 0.00 0.10 0.42
0.25 wt.% 2 3.19 87.76 0.12 4.91 4.01
0.85 wt.% 1 2.74 86.29 2.54 4.61 3.82
0.85 wt.% 2 3.38 89.44 0.01 5.55 1.62

At a low Fe content (0.25 wt.%), the Fe-rich phases show irregular Chinese-script or
skeleton-like morphologies. As shown in Table 4 (Point 2), this phase contains 4.91 wt.%
Fe and 4.01 wt.% Mn, yielding an Fe/Mn mass ratio of approximately 1.2. This ratio is
consistent with the stoichiometry of the α-Al(Fe,Mn)Si phase, which is relatively compact
and causes minimal disruption to the continuity of the matrix.

As the Fe content increases to 0.85 wt.%, a large amount of coarse needle-like phases
precipitate within the microstructure. According to Table 4 (Point 2), these needle-like
phases show a significantly higher Fe content (5.55 wt.%) and lower Mn content (1.62 wt.%),
resulting in an increased Fe/Mn ratio of 3.4. This distinct chemical composition identifies
them as the β-phase. This morphological and chemical evolution suggests that excessive
Fe induces a transition of the Fe-rich phases from the favorable α-phase to the detrimental
needle-like β-phase. It is worth noting that the base alloy contains 0.38 wt.% Si (Table 1),
which plays a fundamental role in the phase selection of the 5083 system. In Al-Mg alloys,
the presence of Si is the prerequisite for the formation of ternary or quaternary Al-Fe-Si-
(Mn) intermetallics rather than binary Al-Fe phases. The Si content was constant in all
samples. However, it provided the thermodynamic environment for the precipitation of
both α-Al(Fe,Mn)Si and β-AlFeSi phases. At low Fe levels (0.25 wt.%), the Si interacts
with the abundant Mn to stabilize the compact, body-centered cubic α-phase. However,
as the Fe content increases to 0.85 wt.%, the relative surplus of Fe (and the local depletion
of Mn) drives the reaction with Si to form the monoclinic β-AlFeSi phase. Therefore, the
phase evolution observed in this study is a result of the synergistic interaction between the
increasing Fe content and the available Si, regulated by the Mn/Fe ratio.

The quantity of the gray Fe-containing phases in the metallographic structure in-
creases visibly with increasing Fe content. Although quantitative phase fraction analysis
was not performed, the significant morphological transition from compact α-phase to
coarse, acicular β-phase (as confirmed by the EDS ratios in Table 4) is considered the
dominant microstructural factor responsible for the deterioration of mechanical properties,
outweighing the influence of phase volume fraction alone.

3.2. Effect of Iron Content on the Properties of Aluminum Alloys
3.2.1. Microhardness

As illustrated in Figure 5, the hardness of the aluminum alloy increased with Fe
content. The hardness value increases from 67 HV at 0.25 wt.% Fe to 72 HV at the maxi-
mum Fe content of 0.85 wt.%, representing an increment of 7.5%. These results suggest
that Fe content exerts a significant influence on the hardness of the alloy. The observed
improvement is mainly due to the second-phase strengthening mechanism.

Since the maximum solid solubility of Fe in pure aluminum is limited to 0.05% [18],
Fe predominantly exists in the form of alloy phases. In the presence of alloying elements
or additional impurities at room temperature, the solubility of Fe decreases further to
approximately 0.01% [18]. Consequently, during solidification, a significant amount of
Fe precipitates as intermetallic compounds, serving as second-phase particles, which are
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typically Al-Fe and Al-Mg-Fe phases. These Fe-rich phases inherently possess higher
hardness than the aluminum matrix, acting as hard obstacles to dislocation motion [15].
As the Fe content increases, the volume fraction and density of these hard second-phase
particles within the matrix rise significantly. These hard phases, distributed dispersedly or
in a reticular pattern, effectively impede dislocation slip and motion, thereby improving
the overall hardness of the alloy. Although a minor amount of solid solution Fe atoms may
induce lattice distortion, second-phase strengthening plays the dominant role under the
high-Fe conditions examined in this study.

Figure 5. Hardness distribution.

3.2.2. Tensile Properties

Figure 6a shows that the tensile strength increased at first and then decreased with
adding Fe. At 0.25 wt.% Fe, the tensile strength was 262.3 MPa and reaches a peak value of
267.5 MPa as the Fe content increases to 0.45 wt.%. However, with a further increase in Fe
content to 0.65 wt.% and 0.85 wt.%, the tensile strength begins to decline, dropping from
267.5 MPa to 250.5 MPa, and finally to 239.3 MPa. At lower Fe contents (0.25–0.45 wt.%), the
improvement in tensile strength is primarily attributed to the second-phase strengthening
mechanism. During this stage, the precipitated fine Fe-rich phases are dispersedly dis-
tributed within the aluminum matrix, effectively hindering dislocation motion. However,
as the Fe content increases further, the Fe-rich phases gradually coarsen and evolve into
the β-phase with a long needle-like structure. These coarse, brittle phases severely sever
the continuity of the matrix and act as crack initiation sites during tensile deformation,
resulting in a sharp deterioration in both strength and ductility [15]. As the tensile strength
gradually decreases from 267.5 MPa to 239.3 MPa with continuing Fe addition, a critical
threshold is identified at 0.45 wt.% Fe. Beyond this limit, the strengthening effect of the
second phases is overridden by the stress concentration induced by coarse needle-like
β-phases, resulting in a significant deterioration of mechanical properties.

As illustrated in Figure 6b, the elongation of the aluminum alloy shows a continuous
downward trend with increasing Fe content. The elongation reaches a maximum of 18.3%
at 0.25 wt.% Fe. Subsequently, it decreases to 16.9% at 0.45 wt.% Fe (a reduction of 7.6%),
15.8% at 0.65 wt.% Fe (a reduction of 13.8%), and finally drops to a minimum of 14.7% at
0.85 wt.% Fe, representing a total reduction of 19.7%.

At elevated Fe levels, Fe-rich phases precipitate within the as-cast 5083 aluminum
alloy. These phases, characterized as hard and brittle constituents, possess inherently poor
plasticity. This observation aligns with the ‘pore nucleation theory’ [19], which emphasizes
that the β-AlFeSi phase acts as a heterogeneous nucleation site during solidification. These
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phases impede melt feeding, thereby promoting the formation of solidification defects such
as shrinkage cavities and porosity. During subsequent tensile deformation, these brittle
phases act as stress concentration sites, facilitating crack initiation and thereby reducing
the elongation of the alloy [20]. At higher Fe contents, Fe-rich intermetallic compounds—
particularly the needle-like phases—induce significant stress concentration in their vicinity
under applied stress, which triggers crack initiation and accelerates crack propagation. The
porosity and gas bubbles associated with these Fe-rich phases within the matrix reduce the
effective load-bearing area of the recycled aluminum alloy. This exerts a detrimental effect
on the ultimate tensile strength, yield strength, and elongation. The impact on elongation
is significantly more pronounced than on tensile or yield strength [21,22].

Figure 6. Tensile strength and Elongation: (a) Tensile strength; (b) Elongation.

To deeply elucidate the mechanism behind the peak performance at 0.45 wt.% Fe,
the role of the Mn/Fe ratio is critical. The experimental alloy contains 0.51 wt.% Mn. At
0.25 wt.% Fe, the Mn/Fe mass ratio is approximately 2.0, which effectively promotes the
formation of the compact α-Al(Fe,Mn)Si phase. Interestingly, the peak tensile strength
observed at 0.45 wt.% Fe corresponds to a Mn/Fe ratio of 1.1. This suggests that a Mn/Fe
ratio near 1.1 serves as a critical thermodynamic threshold for the 5083 system. Above
this Fe level, the available Mn is insufficient to modify the Fe-rich phases, triggering the
dominant precipitation of coarse needle-like β-AlFeSi phases. In addition, compared to the
standard industrial limit for Fe in 5083 alloys, our findings indicate that recycled 5083 alloys
can tolerate a slightly higher Fe content (up to 0.45 wt.%) without compromising mechanical
integrity, provided the Mn content is sufficient to maintain the Mn/Fe ratio above unity.
This finding offers a quantifiable tolerance window for the utilization of high-Fe scrap in
secondary aluminum production.

3.2.3. Corrosion Resistance

Fe content exerts a significant influence on the corrosion resistance of the alloy. During
the solidification of the aluminum alloy, the precipitation of Fe leads to the formation of
various intermetallic compounds. These second phases show a distinct potential differ-
ence relative to the aluminum matrix, which can induce micro-galvanic corrosion [14],
thereby exacerbating the tendency for localized corrosion. Fe-rich phases typically grow
with needle-like or platelet-like morphologies, disrupting the continuity of both the alu-
minum matrix and the surface oxide film, which further impairs the corrosion resistance
of the material [23]. Figure 7 presents the potentiodynamic polarization curves of the
four groups of 5083 aluminum alloy specimens with varying Fe contents in a 3.5 wt.%
NaCl solution. As observed from the Tafel curves, the cathodic branches of the different
samples are remarkably similar, indicating consistency in their cathodic reduction behavior.
However, significant differences exist in the anodic branches, suggesting that the samples
show distinct anodic corrosion behaviors. Additionally, it is evident that all four groups

https://doi.org/10.3390/cryst16030192
106



Crystals 2026, 16, 192

display a passivation region followed by a breakdown region. Table 5 lists the electrochem-
ical parameters from the polarization curves and EIS. As the Fe content increases from
0.25 wt.% to 0.85 wt.%, the corrosion current density, which serves as a kinetic indicator
of the corrosion rate, shows a distinct upward trend, rising from 2.753 × 10−2 μA·cm−2

to 4.699 × 10−2 μA·cm−2. This indicates a progressive degradation in the corrosion resis-
tance of the alloy matrix. Importantly, this trend is corroborated by the electrochemical
impedance spectroscopy (EIS) analysis. The charge transfer resistance (Rt), extracted from
the equivalent circuit modeling, represents the energy barrier for the corrosion reaction at
the electrolyte/electrode interface. As listed in Table 5 the Rt values decrease monotonically
from 1.837 × 104 Ω·cm2 to 1.271 × 104 Ω·cm2 with increasing Fe content. According to the
Stern-Geary relationship, the reduction in Rt facilitates the electron transfer process, directly
accounting for the observed increase in Icorr. This consistency between the thermodynamic
(Ecorr) and kinetic (Rt) parameters confirms that the potential difference between the noble
Fe-rich phases and the α-Al matrix promotes micro-galvanic coupling, thereby accelerating
the dissolution of the aluminum matrix.

Figure 7. Tafel curves of different samples.

Table 5. Electrochemical corrosion parameters of 5083 alloys derived from potentiodynamic polariza-
tion curves and EIS spectra in 3.5 wt.% NaCl solution.

Samples Icorr (μA·cm−2) Ecorr (V) Cat.Slp (V−1) Ano.Slp(V−1) Rt (Ω·cm2)

0.25 wt.%Fe 2.753 × 10−2 −1.169 8.961 1.541 1.837 × 104

0.45 wt.%Fe 3.224 × 10−2 −1.17 8.729 1.881 1.692 × 104

0.65 wt.%Fe 4.002 × 10−2 −1.056 8.164 1.808 1.566 × 104

0.85 wt.%Fe 4.699 × 10−2 −1.07 6.977 1.046 1.271 × 104

To accurately analyze the electrochemical behavior of the samples with varying Fe
contents in a 3.5 wt.% NaCl solution, the equivalent circuit model illustrated in Figure 8
was employed for fitting the Electrochemical Impedance Spectroscopy (EIS) data. In
this model, Rs represents the solution resistance between the working electrode and the
reference electrode, Rc denotes the resistance of the metal oxide film, and Rt corresponds
to the charge transfer resistance. The Rt value reflects the resistance encountered by
electron transfer during the electrochemical reaction; generally, a higher charge transfer
resistance indicates a greater tendency for the metal to undergo polarization (implying
higher corrosion resistance). Due to the porous structure of the metal oxide film, a Constant
Phase Element (CPE), denoted as Qc, is utilized to characterize the electrochemical behavior
at the interface between the electrolyte and the metal oxide film. Similarly, Qt is employed to
characterize the electrochemical response at the interface between the metal oxide film and
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the substrate matrix. Based on this equivalent circuit, Figure 9 presents the experimental
and fitted EIS spectra (Nyquist and Bode plots). The experimental data were fitted using
ZSimpWin software (Version 3.60, EChem Software, Ann Arbor, MI, USA) to ensure the
reliability of the parameters.

 
Figure 8. Electrochemical test impedance equivalent circuit mode.

Figure 9. Impedance spectra of different samples: (a) Nyquist; (b) Bode.

Observation of the Nyquist data reveals that all specimens show capacitive behavior
during the immersion corrosion process. In the Nyquist plots, a larger diameter of the
capacitive loop corresponds to superior corrosion resistance. Concurrently, it is observed
that as the Fe content increases from 0.25 wt.% to 0.85 wt.%, the diameter of the capacitive
loop decreased continuously. This indicates that adding Fe reduced the corrosion resistance
in the corrosion resistance of the alloy. Correspondingly, in the Bode plots, a higher
impedance modulus value (|Z|) at low frequencies indicates better corrosion resistance.
As shown in Figure 9b, the specimen with 0.25 wt.% Fe shows the highest |Z| value at
low frequencies, and |Z| follows a decreasing trend with increasing Fe content. This
electrochemical degradation is visually confirmed by the corrosion morphologies shown in
Figure 10. The corrosion morphology presented in Figure 10 clearly reveals that corrosion
pits preferentially nucleate along the periphery of Fe-rich phases and propagate deep
into the matrix, ultimately resulting in severe localized corrosion. When the Fe content
reaches 0.65 wt.%, distinct changes in the morphology and quantity of Fe-rich phases
are visible. The Fe-rich phases transition from initially sparse blocky or Chinese-script
shapes into coarse needle-like and fish-bone morphologies. Concurrently, these fish-bone
structures tend to fragment and evolve into numerous independent needle-like phases.
The initiation of intergranular corrosion cracks is clearly visible, with the majority of
these cracks clustered in the vicinity of the intermetallic phases. When the Fe content
reaches 0.85 wt.%, deep pits and cavities are clearly evident beneath the Fe-rich phases.
Therefore, as the Fe content increases, these phenomena become increasingly pronounced,
accompanied by the emergence of distinct intergranular corrosion cracks, which serves as a
manifestation of the deteriorated corrosion resistance.
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Figure 10. Electrochemical corrosion morphology of 5083 aluminum alloy with different Fe content
in cast state: (a) 0.25 wt.%; (b) 0.45 wt.%; (c) 0.65 wt.%; (d) 0.85 wt.%.

3.3. Implications for Downstream Processing

Although 5083 aluminum alloy is primarily utilized in wrought tempers rather than
the as-cast state, the microstructural quality of the initial ingot is decisive for its down-
stream processability. The coarse, needle-like β-AlFeSi phases identified in the high-Fe
alloys (≥0.65 wt.%) possess inherent brittleness and distinct hardness mismatch with the
α-Al matrix. During subsequent hot or cold rolling processes, these phases cannot deform
coordinately with the matrix; instead, they tend to fracture and decohere from the matrix,
serving as nucleation sites for voids and cracks. This ‘hereditary effect’ significantly in-
creases the risk of edge cracking and surface defects during rolling, severely limiting the
hot workability of recycled ingots. Therefore, strictly controlling the Fe content below the
critical threshold of 0.45 wt.% (or maintaining a Mn/Fe ratio > 1.1) in the as-cast stage is not
only essential for mechanical integrity but also a prerequisite for ensuring the smooth pro-
duction of high-quality wrought sheets. This study provides a foundational guideline for
optimizing the impurity tolerance of recycled 5083 ingots prior to deformation processing.

4. Conclusions

(1) In the 5083 aluminum alloy, the quantity of Fe-rich phases increases continuously
with rising Fe content. Since these Fe-rich phases impede lattice slip and dislocation
motion, thereby enhancing the crystal hardness, the hardness value increases from
67 HV to 72 HV as the Fe content rises from 0.25 wt.% to 0.85 wt.%.

(2) The increase in Fe content significantly alters the morphology and composition of
the second phases in the 5083 aluminum alloy. At low Fe contents, the Fe-rich
phases predominantly appear as the Chinese-script α-Al(Fe,Mn)Si phase; conversely,
at high Fe contents, these phases gradually transform into the coarse, needle-like
β-AlFeSi phase.

(3) The Fe content exerts a dual influence on the mechanical properties of the
5083 aluminum alloy. At low Fe levels (≤0.45 wt.%), second-phase strengthening
plays a dominant role, enhancing the alloy’s strength with increasing Fe content. Con-
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versely, when the Fe content is excessive (>0.45 wt.%), the detrimental effects of coarse,
needle-like Fe-rich phases become pronounced, resulting in a significant decline in
both tensile strength and elongation. Elongation is the most sensitive parameter to Fe
content, with a maximum reduction reaching 19.7%.

(4) As the Fe content increases from 0.25 wt.% to 0.85 wt.%, the corrosion resistance of the
5083 aluminum alloy gradually decreases. The number of corrosion-induced cracks
and pits increases progressively, and the cracks predominantly propagate along the
periphery of the Fe-rich phases.
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Abstract

The research focuses on how the samarium (Sm) addition amount affects the microstructural
development, mechanical characteristics, and thermal conductivity of Al-5wt%Ni alloys.
Microstructural characterization revealed that minor Sm additions concurrently refined
α-Al grains and eutectic structures (α-Al + Al3Ni), attributed to the reduced initial nucle-
ation temperature of α-Al and an adsorption inhibition effect on Al3Ni phase formation.
The experimental findings revealed that the integration of Sm improved the yield strength,
maximum tensile strength, and heat conduction. The enhancements were chiefly driven
by three processes: the refinement of grains, the improvement of the eutectic structure’s
morphology, and diminishing the dissolvability of Fe/Si impurities within the α-Al matrix.
The combined improvement of mechanical and thermal characteristics via regulated Sm
addition offers a hopeful approach for the microstructural design of Al-Ni alloys. This
study provides a crucial basis for the production of Al-Ni alloys that possess high thermal
conductivity and satisfactory mechanical properties.

Keywords: Al-5Ni alloy; micro-alloying element Sm; microstructure; mechanical properties;
thermal conductivity

1. Introduction

The rapid progress in power semiconductor technology and electric vehicle battery
development has led to a growing demand for lightweight structural materials with
superior thermal conductivity and strength [1,2]. Aluminum alloys are widely used in the
field of thermal management due to their excellent thermal conductivity, lightweight, and
good machinability [3,4]. However, traditional cast aluminum alloys such as Al-Si, Al-Cu,
and Al-Mg systems exhibit relatively low thermal conductivity (well below 200 W/(m·K)),
which makes it increasingly difficult to meet the thermal management requirements of high-
power electronic devices [5]. Traditional cast aluminum alloys, owing to their high fluidity,
are well-suited for manufacturing complex structural thermal management components.
However, the high solid solubility of elements such as Si, Mg, and Cu in the aluminum
lattice typically limits their thermal conductivity [6]. Therefore, it is of great significance
to develop a novel casting aluminum alloy that possesses both high strength and good
thermal conductivity.

The solid solubilities of Ni, Co, and Fe in aluminum alloys are extremely low [7–9],
making them promising to be major alloying elements. Luo et al. [9] found that the excellent
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thermal conductivity of the Al-2Fe-0.3Co hypereutectic alloy reaches 235 W/(m·K), which
is attributed to the low solid solubility of iron and cobalt in the aluminum lattice. However,
the Al-2Fe alloy exhibits insufficient fluidity during casting. Al-Ni-based alloys possess
a relatively high eutectic composition and low solid solubility of Ni, endowing them
with excellent formability and thermal conductivity. These alloys are well-suited for man-
ufacturing structural components requiring specific thermophysical properties [7,10,11].
Despite this, the Al-Ni eutectic alloy’s microstructure consists of a rough eutectic form
(α-Al + Al3Ni), leading to a decline in its mechanical characteristics [12]. Modification rep-
resents an economical and highly efficient approach for regulating the morphologies and
distributions of precipitates that form during the solidification process [13–16]. Therefore,
through appropriate modification, it is feasible to enhance both the thermal conductivity
(TC) and mechanical properties of Al-Ni-based alloys concurrently.

Aluminum alloys are usually altered by adding a minor amount of rare earth elements
like Er, Ce, Sm, among others. Pozdniakov et al. [17] found that Ni and rare earth elements
(Y, Er, Yb, Gd) can reduce the volume fraction of the Al2Cu phase in Al-Cu alloys at
180–250 ◦C, achieving a good combination of tensile strength and electrical conductivity.
For Al-Ni alloys, Suwanpreecha et al. [18] introduced scandium (Sc) into near-eutectic
Al-Ni alloys. The study found that the precipitated Al3Sc phase contributes to enhancing
the material’s strength. However, the research also pointed out that the solubility of Sc in
the aluminum matrix may have an adverse effect on electrical and thermal conductivity
(ETC) performance. There were some reports indicating that adding Sm element would
not make the TC of aluminum alloys worse as its solubility in α-Al matrix was low [19].
Rao et al. [16] mentioned that introducing Sm might alter both the rough acicular eutectic
Si and the needle-shaped β-Al5FeSi phase in ADC12 alloy by lowering the eutectic melting
point. Qiu et al. [20] investigated that Sm had a remarkable effect on the microstructures
of eutectic Si, which was transformed from coarse plates to fine and fibrous. The alloy of
Al-7Si-0.7Mg, altered with Sm, exhibited an excellent mix of maximum tensile strength
(UTS) and stretching.

Present studies are motivated by the scarcity of data in the existing literature on how
Sm addition affects the microstructures, mechanical characteristics, and thermal conductiv-
ity of almost eutectic Al-5Ni alloys. In this research, the intention was to figure out the inner
mechanism of Sm modification and explore the relationship between thermal conductivity
and Sm content. Through comprehending how Sm modification influences the microstruc-
ture and properties and their mutual relationship, alloy design and processing procedures
can be refined for better performance. The study assists in making educated decisions
regarding the alteration of Al-Ni-based alloys to produce heat-dissipating materials with
enhanced mechanical characteristics and heat transfer efficiency.

2. Materials and Methods

2.1. Preparation of Samples

The permanent mold casting was conducted with the Al-5Ni and the Al-5Ni-xSm
(x = 0.1, 0.2, 0.3, 0.5) alloys. Initial melting was performed in a resistance furnace by heating
99.7% purity aluminum ingots (containing 0.08 wt.% Si and 0.05 wt.% Fe impurities) to
1023 K. The Al-10Ni master alloy was then added to reach the desired 5 wt.% Ni composi-
tion, followed by 5 min of mechanical stirring to ensure melt homogenization. Controlled
additions of Al-20Sm master alloy were then incorporated to produce the designed Sm-
containing samples. The ultimate molten material was moved into a steel mold that had
been preheated to 473 K to solidify. The casting is processed into a tensile specimen.
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2.2. Measurements

The metallographic specimens were first ground in stages with abrasive papers and
then polished mechanically to obtain smooth, mirror-like surfaces. Etching was carried
out using a 0.5 vol.% solution of hydrofluoric acid. Microstructural analysis involved
three different techniques: optical microscopy (OM, Leica DMI3000, Wetzlar, Germany),
field-emission scanning electron microscopy (FE-SEM, Thermo Fisher Verios G4, Waltham,
MA, USA), and energy-dispersive X-ray spectroscopy (EDS, Oxford x-Max, Oxfordshire,
UK). Phase composition was analyzed using X-ray diffraction (XRD, Bruker D8 Advance,
Karlsruhe, Germany) with Cu-K radiation, at a scan rate of 5◦/min. For tensile tests, the
specimens were tested at room temperature with an Instron 5982 testing machine, maintain-
ing a constant strain speed of 0.5 mm/min. The as-cast Al-5Ni-xSm alloys were machined
into disk-shaped specimens (ϕ12.7 × 3 mm2) for thermal property characterization. The
Netzsch LFA457 laser flash analyzer was used to measure thermal diffusivity at room
temperature. The densities of the samples were ascertained using the Archimedes method,
employing deionized water as the immersion medium. The Neumann–Kopp rule was
employed to determine specific heat capacities [21,22]. Consequently, we calculated the
thermal conductivity (λ) by employing this specific formula:

λ = α·ρ·Cp (1)

Here, α represents the thermal diffusivity (mm2/s), ρ denotes the density (g/cm3),
and Cp signifies the specific heat capacity (J/(g·K)). The total measurement uncertainty for
thermal conductivity was maintained below 5%. To ensure experimental reproducibility,
triplicate measurements were conducted for each specimen, with results reported as the
statistical mean. Furthermore, the samples’ electrical conductivity was gauged through the
vortex technique utilizing the PZ-60A apparatus.

Compared with DSC, the cooling curve thermal analysis (CCTA) technique [23,24],
with dynamic temperature change as its core, is more suitable for industrial process simula-
tion and macroscopic characterization of non-equilibrium solidification behavior. Therefore,
in this study, a CCTA device was used to collect the cooling curves of molten Al-5Ni-xSm
alloy samples. Prior to the experiment, K-type thermocouples were positioned at the center
and edge of the melt for temperature collection. During solidification, the temperature
evolution was recorded using K-type thermocouples (measurement accuracy: ±0.01 ◦C)
and an NI 9212 high-speed data acquisition system.

3. Results and Discussion

3.1. Microstructure

Figure 1 illustrates the evolution of the microstructure in Al-5Ni alloys with different
levels of samarium addition. The base alloy (Figure 1a) exhibits characteristic dendritic α-Al
grains, while incremental Sm incorporation induces progressive microstructural refinement.
As can be seen from Figure 1, a distinct trend of secondary dendrite arm spacing (SDAS)
reduction can be observed. The secondary dendrite arm spacing (SDAS) of Al-5Ni-xSm
alloys was measured by using a digital image analysis software (Nano measurement) [13], is
presented in Figure 2. As depicted in this figure, the secondary dendrite arm spacing (SDAS)
measures 45.7 ± 8.2 μm in the absence of Sm. When the additional amount of samarium is
0.1 wt.%, the SDAS decreases markedly to 23.4 ± 4.4 μm. Upon increasing the Sm content
to 0.2 wt.%, the SDAS shows a slight increment to 25.4 ± 3.8 μm, followed by no discernible
change at 0.3 wt.% Sm. An increase in SDAS to 27.5 ± 3.9 μm is observed when the Sm
content reaches 0.5 wt.%. Results indicate that the SDAS reaches the minimum value when
the addition amount of Sm reaches 0.1 wt.%. However, this effect gradually diminishes
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as the Sm content continues to increase. This microstructural refinement, accompanied
by homogenization of α-Al and eutectic structure (α-Al + Al3Ni) morphology, provides
favorable conditions for mechanical property enhancement. The observed microstructural
modification indicates that Sm plays a distinct role as a phase morphology modifier in the
Al-Ni alloy system.

 

 

  

 

Figure 1. Microstructures of Al-5Ni alloys modified with different Sm additions: (a) 0 wt.%;
(b) 0.1 wt.%; (c) 0.2 wt.%; (d) 0.3 wt.%; (e) 0.5 wt.%.

X-ray diffraction analysis of Al-5Ni-xSm alloys (Figure 3) revealed consistent α-Al
and Al3Ni phase formation across all compositions, with Sm-containing variants exhibiting
additional Al3Sm intermetallic phases (Figure 3a). High-resolution examination of Al3Ni’s
strongest diffraction peaks (Figure 3b) showed invariant peak positions regardless of Sm
content, indicating preserved lattice parameters. This crystallographic stability suggests
Sm primarily interacts through surface segregation at Al3Ni interfaces rather than bulk
solid solution formation. The combined XRD evidence supports a microstructure evolu-
tion mechanism involving independent Al3Sm precipitation alongside unmodified Al3Ni
phase formation.

115



Crystals 2025, 15, 609

 

30 40 50 60 70

SDAS(0Sm)=45.7±8.2μm

SDAS(μm)

(a)

16 20 24 28 32

(b)
SDAS(0.1Sm)=23.4±4.4μm

SDAS(μm)

16 20 24 28 32 36

(c)
SDAS(0.2Sm)=25.4±3.8μm

SDAS(μm)
16 20 24 28 32 36

(d)

SDAS(μm)

SDAS(0.3Sm)=25.6±3.7μm

20 24 28 32 36

(e)
SDAS(0.5Sm)=27.5±3.9μm

SDAS(μm)
0.0 0.1 0.2 0.3 0.4 0.5

0

10

20

30

40

50

60
(f)

SD
A

S(
μm

)

Sm Content(wt.%)

 SDAS

Figure 2. The secondary dendrite arm spacing (SDAS) of Al-5Ni-xSm alloys: (a) 0 wt.%; (b) 0.1 wt.%;
(c) 0.2 wt.%; (d) 0.3 wt.%; (e) 0.5 wt.%. (f) The variation trend of SDAS with different Sm contents.

 

20 30 40 50 60 70 80

♦
♣

♣ ♦
♦

♦♦♦♦♦
♦

♦♦♦♦
♦

♦ Al3Ni
•

•

♣

♣♣

♣

 Al-5Ni

♣ Al3Sm

••
• Al

In
te

ns
ity

2  (degree)

♦♦♦♦♦♦♦♦
♦

♦♦♦
♦

♦♦
♦

♦ ♦♦♦

(a)
 Al-5Ni-0.1Sm

 Al-5Ni-0.5Sm

20 25 30 35 40

♦

♦

♦
•

•
♣

♣

♣

♣

♦

♦

♦

♦

♦

♦

♦ ♦

♦

♦

♦

2θ(degree)

 Al-5Ni
 Al-5Ni-0.1Sm
 Al-5Ni-0.5Sm

 •  Αl
♦ Αl3Ni
♣ Αl3Sm

♦

•(b)
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3.2. Crystallization

Figure 4 presents the cooling curves of Al-5Ni alloys with varying Sm concentrations,
accompanied by their corresponding first and second derivative curves. The solidification
parameters are tabulated in Table 1. The base Al-5Ni alloy exhibited α-Al nucleation
temperature (TN) at 656.8 ◦C, eutectic growth temperature (TEG) at 640.4 ◦C, and solidus
temperature at 621.6 ◦C. Sm-modified alloys displayed significant solidification charac-
teristic parameter modifications, including a secondary exothermic peak following the
(α-Al + Al3Ni) eutectic reaction (Figure 4b,c). This appearing peak, attributed to the forma-
tion of the Al3Sm phase as confirmed by XRD analysis and the Al-Sm phase diagram [19],
shows that the nucleation temperatures of the Al3Sm phase are 615.2 ◦C and 606.3 ◦C for
the 0.1 wt.% and 0.5 wt.% Sm-containing alloys, respectively. The progressive intensity en-
hancement of this peak with increasing Sm content reflects elevated Al3Sm phase fraction.

  

Figure 4. The cooling curves with corresponding first and second derivative curves of (a) Al-5Ni
alloy, (b) Al-5Ni-0.1Sm alloy, (c) Al-5Ni-0.5Sm alloy.

Table 1. The solidification characteristic parameters of Al-5Ni alloys containing different contents
of Sm.

Sm Content (wt.%) TN (◦C) TEG (◦C) TAl3Sm
N (◦C) TS (◦C) ΔT (◦C)

0 656.8 640.4 - 621.6 35.2
0.1 643.5 638.7 625.1 615.2 28.3
0.5 649.7 639.5 623.3 606.3 43.4
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Analysis of solidification parameters (Table 1) reveals a non-monotonic dependence of
α-Al nucleation temperature (TN) on Sm concentration in Al-5Ni-xSm alloys. TN decreases
from 656.8 ◦C (0 wt.% Sm) to 643.5 ◦C (0.1 wt.% Sm), followed by a marginal increase to
649.7 ◦C at higher Sm levels. And the nucleation temperature of the eutectic structure (TEG)
exhibits the same trend. The decrease in the initial nucleation temperature implies a greater
degree of undercooling to promote the nucleation, thereby refining the grain size.

The most interesting results obtained from the first-derivative curves show that re-
calescence occurs in both the Al-5Ni alloy and Al-5Ni-0.1Sm alloy (see Figure 4a,b for
details). Recalescence is a specific thermal effect observed during the solidification of
metals or alloys, manifesting as a temporary temperature rise on the cooling curve [24].
Fundamentally, it results from the latent heat released during solidification, which causes a
transient local temperature increase. The presence of recalescence is indicated by the region
where the first-order derivative of the cooling curve is greater than zero. In the Al-5Ni
alloy, recalescence occurs at the onset of the (α-Al + Al3Ni) eutectic reaction. This indicates
that during the initial stage of the eutectic reaction, nuclei of the eutectic structure form
and grow rapidly, releasing substantial latent heat of crystallization. When the latent heat
release rate exceeds the system’s heat dissipation rate, a localized temporary temperature
rise creates a “recalescence peak”. During recalescence, the undercooling decreases as tem-
perature rebounds, reducing the nucleation driving force and slowing the crystallization
rate, thereby forming a large amount of coarse and brittle eutectic structures.

The addition of Sm elements to the Al-5Ni melt can eliminate the recalescence phe-
nomenon during the eutectic reaction. This elimination helps hinder the development of
(α-Al + Al3Ni) eutectic structures, thereby leading to the refinement of eutectic morphology.
During solidification, Sm undergoes solute redistribution, accumulating preferentially at
solid–liquid interfaces. This interfacial segregation enhances liquid-phase compositional
gradients, increasing composition undercooling that promotes eutectic nucleation while
simultaneously restricting eutectic growth through solute redistribute effects. The cou-
pled mechanisms of nucleation site multiplication and diffusion-limited growth kinetics
facilitate the development of refined, uniformly distributed eutectic microstructures.

Meanwhile, a pronounced recalescence phenomenon of α-Al was also observed in
the Al-5Ni-0.1Sm alloy. Due to the addition of 0.1% Sm, the initial nucleation temperature
(TN) decreases from 656.8 ◦C to 643.5 ◦C, generating a higher degree of undercooling.
When the undercooling reaches the critical value, massive nucleation and growth of α-Al
occur, releasing substantial latent heat of crystallization. However, compared with the
Al-5Ni alloy, the growth duration of α-Al is significantly shortened, leading to finer and
more uniform α-Al in the Al-5Ni-0.1Sm alloy. As shown in Figure 4c, the recalescence
phenomenon of both α-Al and eutectic structures disappears in the Al-5Ni-0.5Sm alloy.
Compared with the Al-5Ni-0.1Sm alloy, the growth duration of α-Al increases and its
nucleation temperature rises, which leads to the coarsening of α-Al.

The difference (ΔT) between the liquidus temperature (TN) and solidus temperature
(TS) is the non-equilibrium solidification range of the alloy melt. As shown in Table 1, the
addition of 0.1wt% Sm to the Al-5Ni alloy reduces the non-equilibrium solidification range
of the melt from 35.2 ◦C to 28.3 ◦C, indicating improved fluidity of the alloy. However, when
the Sm content increases to 0.5 wt.%, the non-equilibrium solidification range expands to
43.4 ◦C, leading to deteriorated fluidity of the melt.

3.3. Effect of Sm Addition on Mechanical Properties

Figure 5 displays the tensile stress–strain profiles and mechanical property statistics
for Al-5Ni alloys with varying Sm concentrations. The base alloy (0 wt.% Sm) demonstrates
yield strength (YS) of 93.2 ± 1.5 MPa, ultimate tensile strength (UTS) of 130.5 ± 2.2 MPa,
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and elongation (EL) of 19.5 ± 0.5%. Sm-modified alloys exhibit significant mechanical en-
hancement, with optimal performance achieved at 0.1 wt.% Sm: YS = 125.5 ± 1.4 MPa
(+34.7%), UTS = 172.4 ± 2.5 (+32.1%), and EL = 20.0 ± 0.5% (+2.5%). Further Sm
addition to 0.5 wt.% induces progressive property reduction (YS = 112.5 ± 1.3 MPa,
UTS = 158.4 ± 1.9 MPa, EL = 18.5 ± 0.5%), demonstrating a concentration-dependent
strengthening mechanism. This non-monotonic response suggests an optimal Sm threshold
for mechanical performance enhancement in the Al-Ni system. Combining the microstruc-
tural observations in Figure 1 and the cooling curve thermal analysis, the addition of Sm
reduces the nucleation temperatures of α-Al and eutectic structures, increases the degree of
undercooling, and promotes nucleation. Meanwhile, the solute redistribution effect hinders
the growth of eutectic structures, which is corroborated by the variation trend of SDAS in
Figure 2. Sm addition facilitates the refinement of dendritic α-Al grains and optimization
of the size, morphology, and distribution of eutectic structures, thereby significantly en-
hancing the material strength. Excessive incorporation of Sm induces a poisoning effect,
suppressing the effect of lowering the nucleation temperature. This leads to the coarsening
of eutectic structures (as illustrated in Figure 1e), thereby causing a gradual decline in
mechanical properties.
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Figure 5. (a) Engineering stress–strain curves and (b) mechanical performance statistics of the Al-5Ni
alloys with different Sm contents.

This research determines the Q value, a holistic quality metric, to evaluate the strength
and elongation of Al-5Ni-xSm alloys. The Q value is denoted in the form of flow:

Q = UTS + a × log(Elongation%) (2)

For aluminum alloy, the value of a is 150 MPa [25,26]. For Al-5Ni alloys containing Sm
at concentrations of 0%, 0.1%, 0.2%, 0.3%, and 0.5%, the respective Q values are 323.5 MPa,
367.2 MPa, 360.5 MPa, 356.8 MPa, and 348.1 MPa. Clearly, the Q value for the Al-5Ni-
0.1Sm alloy stands at 367.2 MPa, marking it as the highest in the sample set. The figure is
approximately 13.5% higher compared to the Sm-free alloy. Therefore, incorporating 0.1%
Sm may lead to an impressive combination of strength and elongation performance.

Figure 6 illustrates the tensile fracture morphologies of Al-5Ni-xSm alloys. Examining
the structure of tensile fractures allows for a clearer understanding of how these alloys
break. In the sample without Sm (as clearly shown in Figure 6a), distinct quasi-cleavages
and tear ridges are observable. These features are characteristic of brittle fracture. More-
over, the rod-like eutectic Al3Ni phases are readily identifiable on the fracture surface. The
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experimental findings align well with the relatively inferior tensile performance of the
Sm-free alloy. For the Al-5Ni-0.1Sm alloy, Figure 6b vividly illustrates how its fracture
surface displays multiple small, uniformly distributed dimples. This morphological fea-
ture indicates a transition in the fracture mechanism from brittle to ductile. As the Sm
concentration escalates, the dimples grow rougher. Additionally, the fracture surfaces
display visible tear ridges, as illustrated in Figure 6c,d, which suggests a mixed fracture
morphology characterized by quasi-cleavage and micropore aggregation. The findings
from the analysis of the tensile fracture morphology align well with the results of the
tensile experiments. Of all the alloys examined, the Al-5Ni-0.1Sm alloy exhibits the most
advantageous tensile characteristics.

  

  

Figure 6. Tensile fracture patterns of Al-5Ni alloys with different Sm contents: (a) 0 wt.%Sm,
(b) 0.1 wt.%Sm, (c) 0.3 wt.%Sm, (d) 0.5 wt.%Sm.

The mechanical performance of near-eutectic Al-5Ni-xSm alloys is governed by the
morphological characteristics and spatial distribution of the (α-Al + Al3Ni) eutectic ar-
chitecture. In Sm-free alloys (Figure 1a), the eutectic structure exhibits a coarse, irregular
morphology with uneven dispersion, creating stress concentration sites that detrimentally
impact mechanical integrity. This interconnected network of brittle Al3Ni phases facili-
tates preferential crack propagation pathways under applied loads, as evidenced by the
progressive elongation reduction at elevated Sm concentrations. Sm addition modifies
the eutectic structure through morphological refinement and homogenized dispersion
(Figure 1b–d), enhancing load transfer efficiency while mitigating stress concentrations.
The resultant microstructure optimization, achieved through Sm-induced eutectic modifica-
tion, demonstrates a strengthening–toughening synergy that significantly improves tensile
performance despite minor ductility trade-offs at higher Sm levels. This microstructural
engineering approach effectively decouples conventional strength–ductility conflicts in
near-eutectic Al-Ni systems through controlled interface design.
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3.4. Effect of Sm Addition on the Thermal Conductivity

Figure 7a presents the thermophysical properties of Al-5Ni-xSm alloys, illustrating
a linear decrease in specific heat capacity from 0.878 J/(g·K) (0 wt.% Sm) to 0.874 J/(g·K)
(0.5 wt.% Sm), attributed to the comparatively low heat capacity of Sm J/(g·K). Concur-
rently, density increased from 3.009 g/cm3 to 3.033 g/cm3 due to Sm’s higher atomic
mass. Figure 7b depicts the properties of thermal diffusivity, electrical conductivity, and
thermal conductivity. The thermal conductivities are calculated based on thermal diffu-
sivity, heat capacity, and density, in accordance with Equation (1). It is observable that
the changes in electrical and thermal conductivity of Al-5Ni-xSm alloys, when varying
in Sm content, are similar to the fluctuations in thermal diffusivities. Initially, there is an
increase in the electrical and thermal conductivities, alongside a rise in thermal diffusivity,
followed by a gradual decline. The alloy without Sm exhibits the minimal levels of ther-
mal diffusivity and electrical and thermal conductivity, recorded at 82.55 ± 0.38 mm2/s,
31.33 ± 0.15 MS/m, and 218.1 ± 1.0 W/(m·K), respectively. The alloy of Al-5Ni-0.1Sm
exhibits maximum thermal diffusivity, electrical and thermal conductivity, achieving 82.93
± 0.29 mm2/s, 31.50 ± 0.11 MS/m, and 219.3 ± 0.8 W/(m·K). The data indicates a rough
rise of 0.5%, 0.5%, and 0.6% in comparison to the original Al-5Ni alloy. With an increase in
Sm content to 0.5%, there is a gradual reduction in thermal diffusivity, electrical conductiv-
ity, and thermal conductivity, dropping to 81.56 ± 0.39 mm2/s, 31.08 ± 0.15 MS/m, and
216.3 ± 1.0 W/(m·K).
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Figure 7. (a) The heat capacity and density of Al-5Ni-xSm alloys, (b) thermal diffusivities and
thermal/electrical conductivities of Al-5Ni-xSm alloys.

Research on Al-5Ni-xSm alloys indicates that their increased heat transfer rate is due
to the poor solubility of Ni and Sm within the α-Al matrix. Sm exhibits moderate capability
for microstructural modification, and the variation in thermal conductivity is intricately
correlated with the evolution of the alloy’s microstructure. The trace additions of Sm refine
(α-Al + Al3Ni) eutectic structures, concomitantly increasing electron conduction pathways.
However, excessive Sm incorporation (0.5 wt.%) gives rise to eutectic coarsening (as shown
in Figure 1e), thereby deteriorating thermal conductivity. Previous studies [27] confirm that
rare earth elements purify the α-Al matrix through impurity segregation effects. However,
detailed interfacial chemistry analysis (to be presented subsequently) is required to fully
elucidate these conductivity enhancement mechanisms.

3.5. Promotion Mechanism of Sm Addition on Al-5Ni Alloys

The SEM results, as provided in Figure 8, disclose the effect of samarium addition
on the compositions and morphologies of secondary phases in the Al-5Ni alloy. The
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morphologies of secondary phases in the Al-5Ni alloy are displayed in Figure 8a. As seen,
two kinds of morphologies of secondary phases can be found in the alloy. The secondary
phase near the boundary of the α-Al grain, marked as phase ‘A’ and termed as ‘Eutectic
boundary phase’, is flake-like. The needle-like phases, labeled as phase ‘B’ and termed
as ‘Eutectic internal phase’, are far from the boundary of the α-Al grain. These secondary
phases with different morphologies are extensively generated in the Al-Ni hypoeutectic
alloy with different preparation methods [28,29].

  

 

Figure 8. The SEM observation (a) Al-5Ni, (b) Al–5Ni-0.1Sm alloys with corresponding results of line
scanning, (c) the precipitation of Al-Sm phase in the Al-5Ni-0.5Sm alloy.

The morphological difference between the eutectic internal phase and eutectic bound-
ary phase is closely connected to the solidification process. Previous studies [30,31] establish
27.6 vol.% as the critical secondary phase fraction for morphological transitions. For this
study, the theoretical volume fraction of the Al3Ni phase, about 8.3 vol.%, is computed by
the thermodynamic software JmatPro 7.0. During the early phase of solidification, the Ni
element’s concentration remains fairly consistent, indicating that the Al3Ni phase’s phase
volume fraction is less than 27.6 vol.%. Observing the rod or needle-shaped Al3Ni phase
within the eutectic grain is straightforward. During the last phase of solidification, the
residual liquid exhibits a high Ni element concentration due to the redistribution of solutes
and non-equilibrium solidification. This occurrence reveals that the Al3Ni phase’s related
phase volume fraction exceeds 27.6 vol.%. Hence, the eutectic boundary phase manifests a
morphology resembling flakes.

Introducing the Sm element might lead to the creation of a flake-like eutectic boundary
phase due to adsorption poisoning. Highly active Sm element will be enriched at the
boundary of the liquid/solid interface, inhibiting the migration and diffusion of Ni atoms.
Therefore, there are more remaining liquids with high Ni concentration, which facilitates
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the formation of flake-like eutectic boundary phase. The relative line scanning results for
the secondary phase in the Al-5Ni-0.1Sm alloy are provided in Figure 8b. The experimental
results demonstrate that the Sm element mainly distributes alongside the flake-like eutectic
boundary phase. Combined with the XRD analysis, the Sm-rich layer may be the Al3Sm
phase. In other words, the flake-like Al3Ni phases are coated with Al3Sm phases. Figure 8c
displays the morphology of the Al-Sm phase. By referring to the XRD patterns, the Al-Sm
phase can be determined as Al3Sm, indicating that the excessive addition of samarium will
lead to the precipitation of Al3Sm in the Al-5Ni matrix.

Figure 9 presents EPMA elemental mapping of the Al-5Ni alloy. Illustrated in
Figure 9c,d, the minimal presence of Fe and Si impurities renders these elements almost
undetectable in the initial alloy, a fact supported by the experimental findings. Figure 10
depicts the EPMA mapping outcomes for the Al-5Ni-0.1Sm alloy. Importantly, Figure 10c,d
distinctly show clusters of Fe and Si located at the edges of grains. The finding suggests
that introducing a minor quantity of the Sm element markedly reduces the solubility of Fe
and Si impurities in the α-Al matrix. Furthermore, an examination of Figure 10e makes
it evident that Sm predominantly accumulates in the region surrounding the eutectic
Al3Ni phase.
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Figure 9. EPMA mapping of Al-5.0Ni alloy. (a) BEI image, (b) Al, (c) Ni, (d) Fe, and (e) Si.

In metallic systems, thermal transport arises from coupled electron and phonon
contributions, with total thermal conductivity (λ) comprising electronic (λe) and lattice
(λg) components as per established models [22]. Among these, the electronic thermal
conductivity plays a more dominant role compared to the lattice component. According
to the Wiedemann–Franz rule [32,33], a proportional correlation is observed between
electronic thermal and electrical conductivity. Concurrently, the Mattissen–Flemming
rule [34,35] suggests that the main contributors to electrical resistance are solid solute
atoms, contaminants, and imperfections. The associated expression is shown as follows:
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ρ = ρAlpure + ρprecipitates + SGBΔρGB + LdisloΔρdislo + CvΔρvac + ∑i Ci
soluΔρi

solu. (3)
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Figure 10. EPMA mapping of Al-5.0Ni-0.1Sm alloy. (a) BEI image, (b) Al, (c) Ni, (d) Fe, (e) Si, and
(f) Sm.

The value of ρAlpure is 2.665 × 10−8 Ω·m, as reported in reference [34]. ρprecipitates

represents the electrical resistivity caused by precipitates. The negligible effect of minor Sm
additions on precipitate volume fraction permits the exclusion of precipitation-mediated
resistivity contributions. The coefficients (ΔρGB, Δρdislo, Δρvac, and Δρi

solu), represent the
individual contributions of grain boundaries, dislocations, vacancies, and solid solute
atoms to the electrical resistance. SGB is the grain boundary fraction per unit volume, Ldislo

is the dislocation density, Cv is the vacancy concentration and Ci
solu is the concentration

of solid solute atom i. According to Miyajama’s study [36], for aluminum, ΔρGB is ap-
proximately 2.6 × 10−15 Ω·m2, Δρdislo is around 2.7 × 10−25 Ω·m3, and Δρvac is about
2.6 × 10−8 Ω·m/at.%. Considering the minimal magnitudes of ΔρGB, Δρdislo, and Δρvac,
the impact of grain boundaries, dislocations, and vacancies on electrical resistance is triv-
ial. As a result, the electrical resistance is greatly influenced by the levels of atoms in
solid solutions. Mulazimoglu [37] and Cooper [38] quantified solute-specific resistivity
coefficients through systematic alloy characterization, deriving empirical relationships
between aluminum’s electrical resistivity and solute concentrations. These correlations are
mathematically expressed as

ΔρSi
solu = 7 × 10−9 Ω·m·(wt.%)−1 (4)

ΔρFe
solu = 1.682 × 10−8 Ω·m·(wt.%)−1 (5)

According to the aforementioned formulas, each 1 wt.% rise in Si or Fe content results
in a roughly 26.4% or 63.4% reduction in the electrical resistance of pure Al, respectively.
In reality, trace amounts of Fe and Si elements are invariably present in commercially
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pure aluminum. Moreover, as Jiang et al. [8] and Zhang et al. [27] emphasized that rare
earth elements present in molten aluminum possess pronounced interfacial adsorption
capabilities. Such a trait grants them exceptional purification capabilities for the α-Al
matrix. In this study, the same observation (as illustrated in Figure 9c,d) reveals that Sm
can also extract Fe and Si elements from the Al-5Ni melt. This extraction process effectively
reduces the solid solubility of these impurities within the alloy. Moreover, as illustrated in
Figure 1, the incorporation of Sm results in notable refinement of both α-Al grains and the
eutectic (α-Al + Al3Ni) structure. This microstructural refinement contributes significantly
to improved thermal conductivity. The mechanism driving this phenomenon has been
thoroughly detailed in our earlier work [13]. The reduction in grain size and optimization
of the eutectic arrangement increases intergranular contact surface, thereby expanding
pathways for electron flow. As a result, Sm-induced refinement directly promotes higher
thermal conductivity in the near-eutectic Al-5Ni alloy. However, the excessive addition
of samarium in the Al-5Ni alloy results in the precipitation of Al3Sm within the Al matrix
(as illustrated in Figure 8c). As an intermetallic phase in the Al-5Ni alloy, Al3Sm acts
as a scattering source that hinders the transmission of free electrons. Consequently, as
illustrated in Figure 7b, the TC property of the Al-5Ni alloy decreases with increasing
samarium content.

4. Conclusions

This study systematically investigates the influence of samarium incorporation on
the microstructure, solidification behavior, mechanical characteristics, and thermophysical
behavior of Al-5Ni alloys, offering insight into the underlying rare earth modification
mechanisms. The principal findings are outlined as follows:

(1) The introduction of Sm leads to simultaneous refinement of α-Al grains and
eutectic (α-Al + Al3Ni) phases, driven by two synergistic mechanisms—enhanced nucle-
ation undercooling of the α-Al matrix and suppressed Al3Ni phase growth via interfacial
adsorption effects.

(2) The controlled Sm alloying significantly enhances the tensile properties and thermal
conductivity (TC). This is attributed to the addition of moderate Sm (0.1 wt.%), which
lowers the nucleation temperature of dendritic particles and promotes solute redistribution,
thereby refining the size of eutectic structures and optimizing their morphology and
distribution to improve mechanical properties. Meanwhile, the thermal conductivity is
enhanced by inhibiting the solid solubility of Fe/Si elements in the α-Al matrix.
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Abstract: This study employs first-principles calculation methods to explore the characteristics of
the TiB2(0001)/L12-Al3Zr(001) interface, including the atomic structure, adhesion work, interfacial
energy, and electronic structure of various interface models. Considering four different terminations
and three different stacking positions, twelve potential interface models were investigated. Surface
tests revealed that a stable interface could be formed when a 9-layer TiB2(0001) surface is combined
with a 7-layer ZrAl-terminated and a 9-layer Al-terminated Al3Zr(001) surface. Among these inter-
faces, the bridge-site stacking at the T/Al termination (TAB), hollow-site stacking at the Ti/ZrAl
termination (TZH), top-site stacking at the B/Al termination (BAT), and hollow-site stacking at the
B/ZrAl termination (BZH) were identified as the optimal structures. Particularly, the TAB interface
exhibits the strongest adhesion strength and the lowest surface energy, indicating the highest stability.
A Detailed analysis of the electronic structure further reveals that most interfaces predominantly
exhibit covalent bonding, with the TAB, TZH, and BZH interfaces primarily featuring covalent bonds,
while the BAT interface displays a combination of ionic and covalent bonds. The study ultimately
ranks the stability of the interfaces from highest to lowest as TAB, BZH, TZH, and BAT.

Keywords: first-principles calculations; interface stability; TiB2/Al3Zr interfaces; electronic
structure analysis

1. Introduction

Aluminum–silicon alloys, characterized by low density, high strength, high wear
resistance, and good machinability, are extensively used in mechanical manufacturing,
automotive, maritime, and aerospace industries [1,2]. The performance of the alloy largely
depends on the microstructure of its grains. However, in aluminum–silicon alloys, the
coarse eutectic silicon phase can lead to grain coarsening, thereby diminishing the material’s
performance [3]. Studies have shown that the addition of Zr to aluminum alloys can signif-
icantly enhance their performance. In these Zr-doped aluminum alloys, nanoscale Al3Zr
precipitates have been observed and are considered to contribute to grain refinement [4].

Al3Zr in aluminum alloys exists in two structures, D023 and L12 [5,6]. D023-Al3Zr is
a stable structure formed by tetragonal lattice distortion and intra-cell atomic migration,
and it exhibits higher brittleness [7]. L12-Al3Zr is a metastable cubic structure, primarily
precipitated from supersaturated aluminum solid solutions during rapid cooling pro-
cesses [8]. L12-Al3Zr is completely coherent with the α-Al matrix, and it significantly

Crystals 2024, 14, 979. https://doi.org/10.3390/cryst14110979 https://www.mdpi.com/journal/crystals128



Crystals 2024, 14, 979

contributes to inhibiting grain recrystallization and enhancing alloy strength through its
shearing suppression effect on dislocation movement [9,10]. Studies have indicated that
L12-Al3Zr serves as an effective heterogeneous nucleation substrate for α-Al at the atomic
level [11,12], and first-principles calculations have confirmed that liquid Al atoms tend to
nucleate on the L12-Al3Zr(001) surface at the ZrAl terminated [13].

Adding Al-Ti-B grain refiners to aluminum melt is also a widely applied method
for improving the microstructure of grains, which contain strong nucleating particles
like TiB2 [14,15]. TiB2 serves as an effective nucleating particle and plays a crucial role
in the refinement of α-Al grains [16]. It has been reported that the refining mechanism
of Al-Ti-B grain refiners is the formation of a two-dimensional Al3Ti compound on the
(0001) TiB2 surface, which effectively promotes heterogeneous nucleation of α-Al [17].
Reports indicate that the distribution of TiB2 particles follows a log-normal distribution,
with most nanoparticles being smaller than 100 nanometers [18]. Nanoscale TiB2 particles
can pin dislocations at grain boundaries and inhibit the growth of recrystallized grains.
Additionally, TiB2 is a boride with a hexagonal structure, known for its excellent stiffness,
hardness, and wear resistance, making it an outstanding reinforcing material [19,20].

When both Al-Ti-B grain refiners and excess Zr and Si elements are present in the
aluminum melt, the grain refining capability is significantly reduced, leading to the so-
called “poisoning” phenomenon of the grain refiner [21,22]. The prevailing view on the
mechanism of the “poisoning” phenomenon is that Zr atoms in the Al melt cause the disso-
lution of Al3Ti on the TiB2(0001) surface, thereby reducing the nucleation capability of the
refiner [15,23–25]. Some studies also speculate that TiB2 loses its ability to refine Al grains
due to the formation of interfacial nucleation with Al3Zr [26]. Therefore, to further elucidate
the mechanism of the “poisoning” phenomenon, it is necessary to study the relationship
between the two nucleating particles, TiB2 and Al3Zr. Current research on the interface
relationship between TiB2 and D023-Al3Zr is already quite extensive. Researchers have
observed the precipitation of D023-Al3Zr at the TiB2 interface using scanning electron mi-
croscopy, with the orientation relationships identified as (0001)TiB2//(1(_)03(_))D023-Al3Zr,
(101(_)0)TiB2//(105(_))D023-Al3Zr, and [121(_)0]TiB2//[010]D023-Al3Zr [27,28]. However, re-
search on the interface relationship between TiB2 and L12-Al3Zr remains quite scarce.
During the solidification process of the alloy melt, the precipitation of the D023-Al3Zr phase
at the TiB2 interface nearly depletes Zr from the matrix, leading to scant precipitation of
L12-Al3Zr around the TiB2 clusters. This situation makes it difficult to observe the interface
relationship between TiB2 and L12-Al3Zr through experimental means [29]. Therefore,
simulations based on Density Functional Theory can provide a convenient means to study
the potential interface relationship between these two phases.

This article employs first-principles calculation methods to systematically investigate
the structural and electronic properties of the TiB2(0001)/L12-Al3Zr(001) interface at the
atomic level. To gain a more comprehensive understanding of the bonding behavior
at the TiB2(0001)/L12-Al3Zr(001) interface, we also predicted the ideal adhesive work
and interfacial energy. Finally, the electronic structure of TiB2(0001)/L12-Al3Zr(001) was
analyzed through the differential charge density and a density of states analysis.

2. Calculation Method

First-principles calculations were performed using the Cambridge Serial Total Energy
Package (CASTEP) code [30]. The interactions between ionic cores and valence electrons
were described using ultrasoft pseudopotentials [31]. Within the framework of the Gen-
eralized Gradient Approximation (GGA), the Perdew–Burke–Ernzerhof (PBE) function
was employed as the exchange-correlation potential [32]. Theoretical calculations were
performed with a plane-wave cutoff energy of 380 eV. For the calculations of bulk and
surfaces, Brillouin zone sampling was carried out using the Monkhorst–Pack method, with
K-points set to 10 × 10 × 10 for bulk and 6 × 6 × 1 for surfaces [33]. During the relax-
ation of all atomic models, the Broyden–Fletcher–Goldfarb–Shanno (BFGS) minimization
scheme was used for ensemble optimization steps, with all atomic structures and volumes
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being fully relaxed [34]. The structural optimizations of these systems were relaxed until
the total energy was less than 1 × 10−5 eV/atom. The convergence tolerances for the
forces between the atoms, maximum stress, and maximum ionic displacement were set to
0.01 eV/Å, 0.02 GPa, and 5 × 10−4 Å, respectively. Additionally, for the interfaces, a vac-
uum layer of 14 Å was chosen to isolate the free surfaces, ensuring sufficient space to
prevent their interactions.

3. Results and Discussion

3.1. Crystal Properties

The schematic diagram of the crystal structure model used in the calculations is shown
in Figure 1. From Figure 1a, it can be seen that the crystal structure model of the bulk TiB2
was of the AlB2 type, with the space group P6/mmm. As shown in Figure 1b, the crystal
structure model of the bulk Al3Zr was of the Cu3Au type, with the space group Pm-3m.

Figure 1. Crystal structures of TiB2 and Al3Zr: (a) TiB2; (b) Al3Zr.

To ensure the accuracy of the calculations in this paper, especially the accuracy of the
pseudopotentials used, a series of calculations were performed on the lattice constants and
formation enthalpies of TiB2 and Al3Zr using the Perdew–Burke–Ernzerhof (PBE) within
the Generalized Gradient Approximation. The lattice constants were obtained directly
from the calculations, and the formation enthalpies of TiB2 and Al3Zr were derived using
Equations (1) and (2) [35]:

ΔγHTiB2 =
ETiB2

bulk − NTi
bulk(TiB2)× ETi

bulk
NTi

bulk(Ti)
− NB

bulk(TiB2)× EB
bulk

NB
bulk(B)

NTi
bulk(TiB2) + NB

bulk(TiB2)
(1)

ΔγHAl3Zr =
EAl3Zr

bulk − NAl
bulk(Al3Zr)× EAl

bulk
NAl

bulk(Al)
− NZr

bulk(Al3Zr)× EZr
bulk

NZr
bulk(Zr)

NAl
bulk(Al3Zr) + NZr

bulk(Al3Zr)
(2)

where ΔγHTiB2 and ETiB2
bulk represent the formation enthalpy and the total energy of bulk

TiB2, respectively; ETi
bulk denotes the energy of a Ti atom in the bulk, and EB

bulk is the energy
of boron in its conventional cell; NTi

bulk(TiB2) and NB
bulk(TiB2) are the numbers of Ti and B

atoms in the bulk model of TiB2, respectively; and NTi
bulk(Ti) and NB

bulk(B) represent the
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numbers of atoms in the conventional cells of titanium and boron, respectively. Equation (2)
follows the same rationale and will not be reiterated here.

Table 1 presents the lattice constants and formation enthalpies of TiB2 and L12-Al3Zr,
comparing them with other computational and experimental results. In this work, the
lattice constants of TiB2 differ by less than 0.004 Å from the theoretical values reported in the
literature [36,37], and the deviation from the experimental values reported in the literature
does not exceed 0.006 Å [38]. The calculated formation enthalpy of TiB2 had a maximum
deviation of 0.013 eV/atom from other theoretical values obtained from calculations and
a difference of 0.062 eV/atom compared with the experimental formation enthalpies. For
the L12-Al3Zr unit cell structure, the maximum discrepancy in lattice constants compared
to theoretical values from the other literature was 0.035 Å, with a formation enthalpy error
within 0.021 eV/atom [11,39], and the discrepancy from the experimental lattice constant
reference values was 0.008 Å [40]. These results indicate that our current computational
methods and settings are reliable, and the calculation accuracy was sufficient.

Table 1. Calculated and experimental lattice constants and formation energies of bulk TiB2 and
bulk Al3Zr.

Phases Method
Lattice Constant (Å)

ΔrH(eV/atom)
a b c

TiB2 Present 3.026 3.026 3.229 −1.072
Calculation a 3.034 3.034 3.224 −1.079
Calculation b 3.030 3.030 3.221 −1.085
Experiment c 3.032 3.032 3.229 −1.134

Al3Zr Present 4.082 4.082 4.082 −0.487
Calculation d 4.117 4.117 4.117 −0.471
Calculation e 4.096 4.096 4.096 −0.466
Experiment f 4.090 4.090 4.090 -

a Ref. [36] GGA-PBE. b Ref. [37] GGA-PBE. c Ref. [38]. d Ref. [11] GGA-PBE. e Ref. [39] GGA-PW91. f Ref. [40].

3.2. Surface Convergence and Surface Energy

Due to the significant difference in lattice constants between the primitive cells of
TiB2(0001) and the Al3Zr(001) surfaces, direct construction of the interface model was not
feasible. To satisfy the periodicity conditions and lattice relationships, it was necessary
to find matching lattice constants for the TiB2(0001) and Al3Zr(001) surfaces to build the
interface model. After testing, it was found that the lattice constants of the TiB2(0001)-
(
√

3 × 2)R30◦ surface unit and the Al3Zr(001)-(
√

2 ×√
2)R45◦ surface unit are numerically

similar, and the mismatch rate at the interface can be calculated as follows:

ξ =
2A

AAl3Zr + ATiB2

− 1 (3)

where in the above equation, A represents the interfacial area after the TiB2(0001) and
Al3Zr(001) surfaces form an interface, while AAl3Zr and ATiB2 , respectively, refer to the areas
of the Al3Zr(001) and TiB2(0001) surfaces before forming the interface. Using Equation (1),
the mismatch rate of this interface was calculated to be less than 1%. Therefore, the
TiB2(0001)/Al3Zr(001) interface model was considered reasonable.

Before establishing the interface model, it was necessary to perform convergence tests
on the atomic thickness of the phases on both sides of the interface to ensure that the
atoms deep within the surface exhibited characteristics similar to those of bulk phase atoms.
Typically, the convergence of the surface energy for both the TiB2(0001) and Al3Zr(001)
surfaces was used to determine this. Since both the TiB2(0001) and Al3Zr(001) surfaces
are non-polar, the convergence could be assessed by measuring the percentage change
in relaxation between the atomic layers (Δij, where i, j represent the atomic layers in the
surface model).
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The change in interlayer distance (Δij) is defined as follows:

Δij =
dij − d0

ij

d0
ij

× 100% (4)

where Δij is the initial distance between layers i and j in the ideal crystal structure and is
the vertical distance between the adjacent i and j layers after relaxation.

After the geometric optimization of the atoms, the changes in the interlayer distances
of the TiB2(0001) and Al3Zr(001) surfaces are shown in Table 2. For TiB2, when the number
of atomic layers nn in the Ti-terminated and B-terminated TiB2(0001) surfaces was ≥9, the
changes in the interlayer distances in TiB2(0001) were essentially converged. A comparison
of the percentage changes in the interlayer distances of the same number of atomic layers
shows that the relaxation of the outermost interlayer distance on the B-terminated surface
was much greater than that on the Ti-terminated surface. The results indicate that the
outermost interlayer distances on the Ti-terminated and B-terminated surfaces with nine
atomic layers decreased by 7.7% and 9.6% of their bulk volumes, respectively. From Table 2,
it can be seen that for Al3Zr, the interlayer distances on the Al-terminated side essentially
converged when nn was ≥9, while on the ZrAl-terminated side, a good convergence effect
was achieved when nn was ≥7.

Table 2. Interlayer relaxation percentages for TiB2(0001) and Al3Zr(001) surfaces at different
slab thicknesses.

Surface Termination Interlayer
Slab Thickness, n

3 5 7 9 11

TiB2(0001) Ti Δ12 −6.96 −7.69 −7.54 −7.73 −7.63
Δ23 −1.61 −2.09 −2.00 −1.86
Δ34 −1.98 −2.51 −2.29
Δ45 −2.72 −2.14
Δ56 −2.73

B Δ12 −8.15 −10.20 −9.53 −9.61 −9.71
Δ23 0.47 0.11 −0.11 0.02
Δ34 −2.31 −2.24 −2.40
Δ45 −3.16 −2.69
Δ56 −2.71

Al3Zr(001) Al Δ12 −1.45 3.02 1.33 0.63 0.91
Δ23 −1.52 −1.20 1.68 1.05
Δ34 0.65 2.89 2.62
Δ45 −0.81 −0.46
Δ56 0.67

Zr-Al Δ12 −15.33 −18.17 −16.38 −16.68 −16.92
Δ23 −4.95 −5.10 −4.43 −4.73
Δ34 4.28 2.51 3.21
Δ45 0.09 −0.39
Δ56 0.89

For simulations related to surfaces, the more atomic layers the surface model con-
tains, the more precise the results become. However, as the number of atoms increases,
the computational resources required also increase. Therefore, to further determine the
minimum thickness of the TiB2(0001) and Al3Zr(001) surfaces that satisfy the properties of
the bulk phase, and to reduce the error in determining the number of layers, we further
discussed the impact of different layer thicknesses on the convergence of surface energy.
This approach makes the selection of convergence layer numbers more reliable [41].

Surface energy is an important parameter for measuring surface stability. For non-
stoichiometric TiB2 surface models, the chemical potentials of both Ti and B should be
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considered. Therefore, the surface energy of the TiB2(0001) surface was calculated using
a generalized definition of surface energy [42,43]:

γTiB2(0001) =
ETiB2(0001)

sur f − NTi
TiB2(0001) × μTiB2

bulk +
(

2NTi
TiB2(0001) − NB

TiB2(0001)

)
× μB

slab

2 × ATiB2(0001)
sur f

(5)

In the formula, γTiB2(0001) represents the surface energy of the TiB2(0001) surface. ETiB2(0001)
sur f

refers to the total energy of the TiB2(0001) surface used in the calculation. NTi
TiB2(0001) is the

number of Ti atoms on the TiB2(0001) surface. NB
TiB2(0001) represents the number of B atoms

on the TiB2(0001) surface. μTiB2
bulk is the chemical potential of bulk TiB2. μB

slab represents the

chemical potential of B in the surface. ATiB2(0001)
sur f is the area of the TiB2(0001) surface model.

It is well known that the chemical potentials of various elements in the surface com-
position are always lower than the corresponding bulk chemical potentials because the
surface optimizes energy through a specific ordered arrangement [44]. This implies that
μB

slab ≤ μB
bulk and μTi

slab ≤ μTi
bulk. Therefore, the range of chemical potential for B is as follows:

μTiB2
bulk = μTi

bulk + 2μB
bulk + ΔγHTiB2 ,

1
2

ΔγHTiB2 ≤ μB
slab − μB

bulk ≤ 0 (6)

In the formula mentioned above, ΔγHTiB2 represents the formation enthalpy of TiB2 previ-
ously discussed. μTi

bulk is the chemical potential of Ti in the bulk phase. μB
bulk is the chemical

potential of B in the α-B12 bulk phase. μTiB2
bulk is the chemical potential of the TiB2 bulk phase.

The Al3Zr(001) surface model used in the calculations was also non-stoichiometric,
hence the surface energy of the Al3Zr(001) surface could be determined using Equation (7):

γZrAl3(001) =
EZrAl3(001)

sur f − NZr
ZrAl3(001) × μZrAl3

bulk +
(

3NZr
ZrAl3(001) − NAl

ZrAl3(001)

)
× μAl

slab

2 × AZrAl3(001)
sur f

(7)

Similarly, the range for the chemical potential of aluminum is as follows:

μAl3Zr
bulk = μZr

bulk + 3μAl
bulk + ΔγHAl3Zr,

1
3

ΔγHAl3Zr ≤ μAl
slab − μAl

bulk ≤ 0 (8)

Table 3 lists the surface energy data for different structures of the TiB2(0001) surface
and the Al3Zr(001) surface under conditions rich in B and Al, respectively. The surface
energies of the Ti-terminated and B-terminated ends of TiB2(0001) converged as the number
of atomic layers increased, reaching convergence when the atomic layers were ≥9. Similarly,
the Al-terminated end of Al3Zr(001) converged at the atomic layers ≥7; the ZrAl-terminated
end converged when the atomic layers were ≥9. The smaller the surface energy value,
the better the stability of the surface, thus the stability of the surface was consistent with
the assessment of the interlayer distances. This implies that choosing a 9-layer TiB2(0001)
in conjunction with a 7-layer ZrAl-terminated end and a 9-layer Al-terminated end of
Al3Zr(001) to construct the TiB2/Al3Zr interface is feasible for subsequent research.

Table 3. The surface energy (J/m2) calculation results of TiB2(0001) and Al3Zr(001) surfaces.

Layer
TiB2(0001) Al3Zr(001)

Ti-Terminated B-Terminated ZrAl-Terminated Al-Terminated

3 5.442 3.014 1.768 1.193
5 5.447 2.987 1.721 1.113
7 5.392 2.914 1.707 1.073
9 5.354 2.876 1.705 1.053

11 5.305 2.836 1.637 1.017
13 5.264 2.779 1.686 1.062
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The surface energy of non-stoichiometric surfaces is influenced by the chemical po-
tential difference between the surface atoms and the bulk atoms. Therefore, we calcu-
lated the surface energy for a 9-layer TiB2(0001) with different B chemical potential differ-
ences ( μB

slab − μB
bulk

)
, and also for a 7-layer ZrAl-terminated and a 9-layer Al-terminated

Al3Zr(001) with different Al chemical potential differences (μ Al
slab − μAl

bulk

)
. The relationship

between the calculated surface energies and the different chemical potential differences
is shown in Figure 2. From Figure 2a, it can be seen that the surface energy range for the
B-terminated TiB2(0001) was from 6.124 to 2.876 J/m2; for the Ti-terminated TiB2(0001),
the range was from 2.106 to 5.354 J/m2. Under Ti-rich conditions, the surface energy of
the Ti-terminated side was lower than that of the B-terminated side, indicating that the
Ti-terminated TiB2(0001) surface was more stable at this time. However, as the B chemi-
cal potential difference increased, the surface energy of the Ti-terminated side gradually
increased, while that of the B-terminated side gradually decreased. When the B chemical
potential difference was greater than −0.613 eV, the B-terminated TiB2(0001) surface be-
came more stable. This is consistent with the results reported in the literature [45]. From
Figure 2b, it is evident that the surface energy of L12-Al3Zr(001) also showed a linear
relationship with the chemical potential difference in Al. The surface energy range for the
Al-terminated Al3Zr(001) was from 1.545 to 1.053 J/m2; for the ZrAl-terminated Al3Zr(001),
the range was from 1.213 to 1.705 J/m2. The results indicate that as the chemical potential
difference shifted from Zr-rich conditions to Al-rich conditions, the surface energy of the
Al-terminated end showed a decreasing trend, while the surface energy of the ZrAl end
showed an increasing trend. Within the range of −0.487 eV to −0.322 eV, the surface energy
of the Al end was approximately lower than that of the ZrAl end, and in the range from
−0.322 eV to 0 eV, the opposite was true. This suggests that the Al-terminated end of
Al3Zr(001) is more stable in an aluminum-rich environment, while the ZrAl-terminated
end is more stable in a zirconium-rich environment.

3.3. Interface Characteristics of TiB2(0001)/Al3Zr(001)
3.3.1. Atomic Structure of the Interface

Based on the results of the convergence tests, the TiB2/Al3Zr interface was constructed
as follows: nine layers of TiB2(0001) were stacked on top of the Al3Zr(001) surface, with
nine layers chosen for the Al-terminated surface of Al3Zr(001) and seven layers for the ZrAl-
terminated surface. The mismatch degree of this interface was less than 1%, indicating that
it was a typical coherent interface. Considering that the TiB2(0001) and Al3Zr(001) surfaces
each have two different terminations (Ti-terminated, B-terminated and Al-terminated,
ZrAl-terminated) and three different stacking sequences—top site (TS), bridge site (BS),
and hollow site (HS)—a total of 12 interface models were established. These models are
illustrated in Figure 3. The “interface name” was designated based on the first letter of the
terminations and stacking order of TiB2(0001) and Al3Zr(001).

3.3.2. Interface Adhesion Work

The strength of the bonding at the interface can be described by the adhesion work.
The adhesion work between the TiB2(0001) surface and the Al3Zr(001) surface can be
determined using the following definition [46]:

Wad =

Eslab
Al3Zr + Eslab

TiB2
− Etotal

Al3Zr
TiB2

A
(9)

where Etotal
Al3Zr/TiB2

and A represent the total energy and the interface area of the
TiB2(0001)/Al3Zr(001) interface, respectively. Eslab

TiB2
and Eslab

Al3Zr are the energies of the
relaxed TiB2(0001) and Al3Zr(001) slabs, respectively.
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(a) 

(b) 

Figure 2. Relationship between the surface energy and chemical potential: (a) the function of
surface energy with boron chemical potential difference for the Ti-terminated and B-terminated TiB2

surfaces; (b) the function of surface energy with aluminum chemical potential difference for the
Al-terminated and ZrAl-terminated Al3Zr surfaces. Vertical dashed lines indicate the stability range
of the compounds.
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Figure 3. Twelve models for the TiB2/Al3Zr interface: (a) TAT interface; (b) TAB interface; (c) TAH
interface; (d) BAT interface; (e) BAB interface; (f) BAH interface; (g) TZT interface; (h) TZB interface;
(i) TZH interface; (j) BZT interface; (k) BZB interface; (l) BZH interface.
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Table 4 displays the interfacial distances and corresponding adhesion work for 12 dif-
ferent interfaces. From Table 4, it is evident that the stacking position significantly impacted
both the equilibrium distance and the adhesion work of the interfaces. Within the same
stacking order, the adhesion work of the interfaces between the Ti-terminated and Al-
terminated sides of the TiB2/Al3Zr was higher than that of other terminated interfaces,
indicating better stability for interfaces involving the Ti termination compared with those
with the Al termination.

Table 4. The comparison of interfacial distance (d0) and adhesion work (Wad) for 12 different interfaces.

Terminations of
TiB2(0001)

Terminations of
Al3Zr(001)

Stacking
Sequence

Interface
Name

d0 (Å) Wad (J/m2)

Ti Al TS TAT 2.32 2.37
BS TAB 2.34 2.41
HS TAH 2.18 2.40

Ti Zr-Al TS TZT 2.60 1.26
BS TZB 2.87 1.26
HS TZH 2.41 1.97

B Al TS BAT 2.07 1.92
BS BAB 1.98 1.87
HS BAH 1.92 1.88

B Zr-Al TS BZT 2.27 2.22
BS BZB 2.16 2.22
HS BZH 2.18 2.29

For interfaces between the B-terminated and ZrAl-terminated sides, the adhesion
work for the BZT, BZB, and BZH interfaces were very close, at 2.22, 2.22, and 2.29 J/m2,
respectively, suggesting that the stacking order had a minimal impact on the bonding
strength of these interfaces. However, for interfaces between the Ti-terminated and ZrAl-
terminated sides, the effect of the stacking order was relatively more significant. The TZH
interface, for example, had an adhesion work of 1.97 J/m2, which was substantially higher
than that of the TZT and TZB interfaces, yet their interfacial distances were the opposite.
This is because, in the TZH interface, the Ti atoms interacted with the surrounding two Zr
atoms and two Al atoms, affecting the interfacial distance. Generally, the higher the Wad,
the stronger the bonding force between the interface atoms, hence the TAB interface was
the most stable among the 12 interface structures, possessing the greatest bonding strength.

3.3.3. Interfacial Energy

Interfacial energy is a key thermodynamic quantity used to measure the stability of
an interface. Generally, the lower the interfacial energy, the more stable the interface struc-
ture. The formula for calculating the interfacial energy of the TiB2(0001)/Al3Zr interface is
as follows [47,48]:

γint = γTiB2(0001) + γZrAl3(001) − Wad (10)

In the formula, γTiB2(0001) represents the interfacial energy; γTiB2(0001) and γZrAl3(001), re-
spectively, denote the surface energies of the TiB2(0001) and Al3Zr(001) surfaces; and Wad
represents the adhesion work of the corresponding interface.

Based on the previous analysis, we have identified interface structures with the
lowest interfacial energies for further study: the TAB, TZH, BAT, and BZH interfaces.
Figure 4 illustrates the variation in interfacial energy for these four interfaces as a function
of the chemical potential difference between boron in the slab and bulk

(
μB

slab − μB
bulk

)
.

Throughout the range of
(
μB

slab − μB
bulk

)
, the interfacial energies for TAB, TZH, BAT, and

BZH were, respectively, 1.730 to 4.430 J/m2, 1.848 to 5.509 J/m2, 2.455 to 6.118 J/m2,
and 2.895 to 5.595 J/m2. Evidently, for interfaces on the titanium side, TAB exhibits the
lowest interfacial energy and the highest interface stability, consistent with the results
obtained from the adhesion work analysis. For interfaces on the boron side, under titanium-
rich conditions, BZH displayed relatively lower interfacial energy, indicating a more
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stable interface structure. In contrast, under boron-rich conditions, BAT showed better
thermodynamic stability.

Figure 4. The relationship between the twelve types of TiB2(0001)/Al3Zr(001) interfaces and varying
chemical potentials of boron.

3.4. Electron Structure

The bonding at interfaces fundamentally involves interactions among the electrons
located at the interface. To further analyze the interactions within the TiB2(0001)/Al3Zr(001)
interface, we selected representative models from four different terminated interfaces and
calculated their differential charge density maps. These interfaces were the TAB, BAT,
TZH, and BZH interfaces. Each of these interface models exhibited the highest adhesion
work and the lowest interfacial energy within their respective terminated interface models.
The differential charge density for the TiB2(0001)/Al3Zr(001) interface can be expressed
as follows [47]:

Δρ = ρtoal − ρTiB2(0001) − ρAl3Zr(001) (11)

In this formula, ρtoal is the total charge density of the TiB2(0001)/Al3Zr(001) interface;
and ρTiB2(0001) and ρAl3Zr(001) represent the independent charge densities of the TiB2(0001)
surface and the Al3Zr(001) surface that make up the interface structure, respectively.

Figure 5 shows the differential charge density results for the four interface models. Red
and blue represent the accumulation and loss of charge, respectively. From Figure 5a, it can
be seen that there was a significant charge accumulation between the Ti and Al atoms at the
TAB interface, which was due to the loss of charge from the Al and Ti atoms. This indicates
the formation of strong Ti−Al covalent bonds at the L12-Al3Ti(111) surface. Additionally,
some charge accumulated between the Al and Zr atoms, suggesting the formation of Al−Zr
covalent bonds. As shown in Figure 5b, electron transfer occurred between the Al and B
atoms, indicating the presence of ionic bonds; furthermore, there was a small accumulation
of charge between the Al and B atoms, and the presence of B-Al covalent bonds. Figure 5c
describes the differential charge density at the TZH interface, clearly showing Ti-Zr covalent
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bonding. On the BZH interface, strong covalent bonds were formed between the Zr and
B atoms. It is noteworthy that Zr formed covalent bonds with both Al atoms in the same
layer and those in the second layer, but the covalent bond between Zr and Al in the same
layer was stronger than that between Zr and the second-layer Al, which was related to the
distances between the atoms.

Figure 5. Differential charge density of the TiB2(0001)/Al3Zr(001) interfaces: (a) TAB interface;
(b) BAT interface; (c) TZH interface; (d) BZH interface.

To further investigate the electronic structure and analyze the bonding nature of the
atoms at the TiB2(0001)/Al3Zr(001) interface, we further analyzed the density of states
(DOSs) of the stable interfaces, with results shown in Figure 6. Notable distinctions were
observed in the sharpness of the peaks associated with the same elements in the TiB2(0001)
slab near the interface junction, and similarly in the Al3Zr(001) slab. This indicates that
the bonding process in these four interface models was primarily contributed by the outer
electrons of the first layer of atoms at the interface end.

Continuing the analysis with a focus on the TAB interface model, we aimed to under-
stand the bonding characteristics of the interface. From Figure 6a, it is evident that the first
layer of Ti at the TiB2(0001) end and the first layer of Al at the Al3Zr(001) end exhibited
a peak between 0 and 5 eV, primarily contributed by the Ti 3d and Al 3p orbitals. Moreover,
hybridization between Ti 3d and Al 3p also occurred around 10 eV. Notably, there was
intense hybridization near 8 eV between the first layer of Ti at the TiB2(0001) end and the
second layer of Zr at the Al3Zr(001) end, mainly contributed by the Ti 3d and Zr 4d orbitals.
The peak intensities indicated strong hybridization at the TAB interface.

In Figure 6b, the hybridization between the first layer of B on the TiB2(0001) side and
the first layer of Al on the Al3Zr(001) side was also evident. A distinct peak appeared near
the Fermi level, mainly due to the contributions of the B 2p and Al 3s orbitals. Additionally,
the 2p orbital of the first-layer B atoms showed a prominent peak around 5 eV, and there
were indications of increased orbital density around 5 eV in the 3p orbital of the first-layer
Al atoms. This suggests a possible overlap between the B 2p and Al 3p orbitals, potentially
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pointing to the presence of hybridization. Such hybridization could lead to the formation
of strong B-Al covalent bonds at the interface.

 

 
Figure 6. Partial density of states for the TiB2(0001)/Al3Zr(001) interfaces: (a) TAB interface; (b) BAT
interface; (c) TZH interface; (d) BZH interface. Vertical dashed lines indicate the Fermi level.
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Figure 6c shows significant hybridization between Ti 3d and Zr 4d in the 5 to 10 eV
range, forming Ti-Zr covalent bonds. The interface composition in Figure 6d, which
consisted of the first layer of B at the TiB2(0001) end and the first layer at the ZrAl end of
Al3Zr(001), however, showed no significant common peaks, with only slight hybridization
near the Fermi level.

The density of states analysis in Figure 6 revealed variations in the electronic states
of Al atoms when adjacent to Zr compared with their presence in layers without Zr.
This observation suggests differences in orbital interactions, likely due to hybridization,
between Al and neighboring atoms under different compositional contexts. Notably,
the analysis showed that the hybridization patterns were more pronounced in the TAB
interface, where peak intensities suggested a stronger covalent character in the bonding
interactions, particularly involving Al 3p and Zr 4d orbitals. This finding underscores the
impact of atomic positioning and local chemical environment on the electronic properties
at the interface. Therefore, it can be concluded that the hybridization at the TAB interface
exhibited a higher intensity and complexity; based on the analysis of the density of states
and differential charge density, the order of interface stability is as follows: TAB interface
> BZH interface > TZH interface > BAT interface. This is consistent with the previous
analyses of adhesion work and interfacial energy.

4. Conclusions

To understand the interfacial bonding characteristics of the TiB2(0001)/Al3Zr(001)
interface, first-principles studies were conducted focusing on the adhesion work, interfacial
energy, and electronic structure. This study considered 12 different TiB2/Al3Zr interfaces
featuring four different terminations and three stacking sequences, with a detailed investi-
gation on four of the most stable structures. The main findings of the study are summarized
as follows:

(1) Simulation tests have demonstrated that a stable interface structure can be formed
when a 9-layer TiB2(0001) surface is combined with a 7-layer ZrAl-terminated and
a 9-layer Al-terminated Al3Zr(001) surface.

(2) For interfaces with the same termination in TiB2/Al3Zr, the study identifies the bridge-
site stacking (TAB) at the T/Al termination, hollow-site stacking (TZH) at the Ti/ZrAl
termination, top-site stacking (BAT) at the B/A termination, and hollow-site stacking
at the B/ZrAl termination as the optimal structures. Among these interfaces, the
TAB interface has the strongest adhesion strength due to the highest adhesion work
of 2.41 J/m2.

(3) The interfacial energies of TAB, TZH, BAT, and BZH across the entire range of

(μ B
slab − μB

bulk

)
are, respectively, 1.730 to 4.430 J/m2, 1.848 to 5.509 J/m2, 6.118 to

2.455 J/m2, and 5.595 to 2.895 J/m2. Evidently, TAB exhibits the lowest surface energy
and the highest interface stability.

(4) Electronic structure analysis indicates that the TAB, TZH, and BZH interfaces primar-
ily feature covalent bonding, while the BAT interface shows both ionic and covalent
bonds. According to the analysis of the electronic structure, the stability order of
the TiB2(0001) and Al3Zr(001) interfaces is as follows: TAB interface > BZH interface
> TZH interface > BAT interface.
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Abstract: The utilization of red mud in the production of ceramic products represents an efficient
approach for harnessing red mud resources. Composite ceramics were prepared from Al2O3, red
mud, and Cr2O3 by atmospheric pressure sintering, and the phase composition and microscopic
morphology of the composite ceramics were investigated by XRD, SEM, and EDS. The flexural
strength and fracture toughness of composite ceramics were measured by three-point bending and
SENB methods. The results showed that the composite ceramics sintered at 1500 ◦C with the addition
of 1.5 wt.% Cr2O3 had a flexural strength of 297.03 MPa, a hardness of 17.44 GPa, and a densification
of 97.75% and fracture toughness of 6.57 MPa·m1/2. The addition of Cr2O3 helps to improve the
low strength of red mud composite ceramic samples. The CaAl12O19 phase can form a similar
“endo-crystalline” structure with Al2O3 grains, which changes the fracture mode of the ceramics
and thus significantly improves the fracture toughness. The wettability tests conducted on Cu and
RM–Al2O3 composite ceramic materials revealed that the composites exhibited non-wetting behavior
towards Cu at elevated temperatures, while no interfacial reactions or elemental diffusion were
observed. Composites have higher surface energy than Al2O3 ceramic at high temperatures. The
present study provides a crucial foundation for enhancing the comprehensive utilization value of red
mud and the application of red mud ceramics in the field of electronic packaging.

Keywords: red mud; alumina composite ceramics; mechanical properties; surface energy

1. Introduction

“Red mud” (RM) refers to solid waste that is discharged during the process of gener-
ating Al2O3. Comprised primarily of various complex mineral phases, red mud possesses
a highly alkaline nature. The current situation lacks an effective solution for red mud
treatment, primarily relying on the construction of multiple containment dams to store
the red mud [1,2]. With prolonged stockpiling, the harmful elements in red mud can
contaminate nearby water sources and cause soil alkalization. At the same time, red mud
is highly adsorbent, and dams may also be at risk of breaking during the rainy season. This
seriously jeopardizes the safety of people’s lives and property. Wang et al. [3] took red mud
and kaolin as raw materials, changed the reaction path of mullite by adding (NH4)6Mo7O24,
and sintered the sample at 1180 ◦C to obtain a sample with a flexion strength of 185.6 MPa,
a bulk weight of 1.45 g/cm3, and a water absorption rate of 5.5%. He et al. [4] used red
mud, clay and raw materials, and a 20% RM ceramic body was prepared by sintering
at 1050 ◦C for 2 h. The ceramic body had a bulk weight of 1.69 g/cm3, loss on ignition
of 10.32%, sintering shrinkage of 5.71%, water absorption of 19.91%, and compressive
strength of 36.5 MPa. Pérez-Villarejo et al. [5] mixed red mud and clay in a 1:1 ratio and
sintered at 950 ◦C for 1 h. The samples obtained had a linear shrinkage of 0.46%, a water
absorption of 21.00%, a weight loss of 12.6% after sintering, and a compressive strength of
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52.54 MPa. Triviño et al. [6] mixed red mud and granite waste in a ratio of 6:4 and sintered
the sample at 1150 ◦C, and the sample obtained had the highest hardness (545.6 kgf/mm2)
and a flexural strength of 27 MPa. The addition of red mud should be carefully controlled
in order to enhance the properties of ceramic products, as red mud itself contains high
levels of Na2O and CaO, which are detrimental to the properties of cement and ceramics.
Furthermore, the high content of red mud in the sample also makes it easier for the harmful
elements in the red mud to leak into the environment, which limits the application of red
mud ceramic products.

Cr2O3 is often used as one of the additives to improve the physical properties of alu-
mina, Cr2O3 and Al2O3 have isostructural corundum crystal structures (hexagonal system
with the same space group R-3c), and it is well known that Cr2O3 forms a substitutional
solid solution in the Al2O3 lattice by ion exchange with Al3+ and does not form any eutectic
in the whole compositional range [7]. Several studies have shown the addition of Cr2O3
to Al2O3 in different ratios to improve the mechanical properties of ceramics by means
of different solidification techniques. Kafkaslıoğlu Yıldız et al. [8] investigated the effect
of Cr2O3 additions with different volume ratios (0.5, 1, 5 vol.%) on the microstructure
and mechanical properties of Al2O3. When the Cr2O3 addition was 0.5 vol.%, the flexural
strength of the material was 286 MPa, which increased by 44% compared to pure Al2O3.
This is due to the localized compressive stress caused by the grain boundary alteration
of Cr3+ ions. The crack extension behavior changes from a predominantly along-crystal
extension to mixed along-crystal and through-crystal extensions with the addition of local-
ized compressive stresses from Cr2O3, leading to grain boundary strengthening. Azhar
et al. [9] reported that the microstructures of ZTA composite were significantly affected by
the addition of a small amount of Cr2O3 (∼0.6 wt.%), with the grains becoming larger and
acquiring a plate-like shape. The fracture toughness was increased from 4.41 MPa·m1/2

to 4.73 MPa·m1/2. Manshor et al. [10] reported that with addition of 0.6 wt.% of Cr2O3 to
the composite, an optimum density of 4.0630 g/cm3, hardness of 1681 HV, and fracture
toughness of 7.15 MPa·m1/2 were obtained. The addition of 0.6 wt.% Cr2O3 led to the
formation of large plate-like grains, enhancing the interaction between the crack and the
matrix grains. The inter-granular fracture mode caused the cracks to spread along the
borders of the grains, eventually increasing the strength due to grain deflection.

The work in this paper is motivated by the exhaust gas recirculation (EGR) system
utilized in diesel engines, which introduces an appropriate quantity of exhaust gas into
the cylinder to participate in combustion. As a result, it effectively reduces the maximum
temperature within the cylinder and subsequently mitigates NOx emissions. Similarly,
adding an appropriate amount of red mud to Al2O3 ceramics can be used as a sintering
aid for the sintering of Al2O3 ceramics, so as to realize the resource utilization of red mud.
In this paper, the effects of different sintering temperatures and Cr2O3 contents on the
properties and microstructures of RM–Al2O3 composite ceramics have been investigated
by adding 10% RM and different contents of Cr2O3 to alumina, and the optimal sintering
temperatures and addition amounts have been determined. The wetting behavior of Cu
on the samples at elevated temperatures have been investigated by using the seated drop
method, while the surface energy of the composite ceramics at high temperature has been
estimated based on the data obtained from high-temperature contact angle measurements,
so as to explore the possibility of applying RM–Al2O3 composite ceramics in the field of
electronic packaging.

2. Materials and Methods

2.1. Raw Materials

The Al2O3 powder (200 nm, Al2O3 ≥ 99.9%) used in this study was produced by
Beasley New Materials Co. (Suzhou, China). Cr2O3 powder (100 nm, Cr2O3 ≥ 99.9%)
was produced by Hebei Yuanying New Materials Co. (Xingtai, China). Red mud was
provided by Guangxi Huayin Aluminium Co., Ltd. (Baise, China)., and Fe3O4 in red mud
was separated by strong magnetic separation. The red mud was dried in a drying oven at
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120 ◦C for 24 h. The dried mass was crushed using a pulverizer. The composition of the
red mud analyzed by XRF is shown in Table 1. Stearic acid, polypropylene, and paraffin
were produced by Shanghai McLean Biochemical Technology Co. (Shanghai, China) Cu
(≥99.95%) used was produced by CMT New Materials Co. (Attleboro, MA, USA) and
processed into 3 mm × 3 mm × 3 mm cubes by wire cutting.

Table 1. The chemical composition of red mud (wt.%).

Fe2O3 Al2O3 SiO2 CaO Na2O TiO2 Loss

29.60 18.90 16.90 15.60 11.10 5.78 2.12

2.2. Preparation of Composite Ceramics

The powder ingredients were proportioned in accordance with the composition pre-
sented in Table 2. In addition, 1 g of polypropylene, 1 g of paraffin, and 1 g of stearic
acid were additionally added to the mixed powder (30 g total weight). A high-energy
planetary ball mill was employed to grind the mixed powder for a duration of 30 h at a
rotational speed of 300 revolutions per minute, utilizing anhydrous ethanol as the grinding
medium. The mixed slurry was subjected to vacuum drying at 70 ◦C for 24 h in a drying
oven. Subsequently, the dried mass was finely ground using an onyx mortar and then
sieved through an 80-mesh sieve. The powder was pressed into 40 mm × 4 mm × 10 mm
slabs using a hydraulic press at 15 MPa for 3 min. The samples were sintered using a MoSi2
electric furnace (KSL-1700-2A). The temperature was ramped up to 1200 ◦C at a rate of
5 ◦C/min, followed by a further ramp-up to the target temperature at a rate of 2 ◦C/min.
The target temperature was maintained for 2 h, and then the samples were cooled with
the furnace. Additionally, each sample required a debinding process where it was held at
800 ◦C for 2 h.

Table 2. Chemical compositions (wt.%) of the samples.

Sample Al2O3 RM Cr2O3

A 100 0 0
ARC0 90 10 0
ARC1 89.1 9.9 1
ARC2 88.65 9.85 1.5
ARC3 88.2 9.8 2
ARC4 87.75 9.75 2.5
ARC5 87.3 9.7 3

2.3. Characterization of Composite Ceramics

The test samples underwent pre-treatment prior to conducting the tests. The ceramic
samples were individually polished using 2.5 w and 1 w abrasive pastes, respectively.
Subsequently, the ceramic samples with observed surface morphology were subjected to
etching using an etching solution (3% HF, 5% HN3) for a duration of 1 min in order to
eliminate the glassy phase. The elemental composition of the red mud was analyzed using
an X-ray fluorescence spectrometer (S8 TIGER, BRUKER, Berlin, Germany). Following
this, ultrasonic cleaning was performed on the ceramic samples in anhydrous ethanol for a
period of 5 min. X-ray diffraction analyses were carried out using an X-ray diffractometer
(MiniFlex600-C, Rigaku Co., Ltd., Akishima, Japan) at 40 kV/15 mA, with a scanning
range of 10~85 at a 2θ angle and a scanning speed of 5 ◦/min. A scanning electron
microscope (SU8020, Hitachi High-Technologies, Tokyo, Japan) was used to observe the
surface morphology and fracture morphology of the samples. The apparent density of
the composite ceramics was measured using the Archimedes drainage method, and the
densification was expressed as the ratio of the apparent density to the theoretical density.
The phase compositions of the samples were analyzed semi-quantitatively by EDS (energy-
dispersive X-ray spectroscopy). Vickers hardness tester was used to measure the hardness
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of the samples (loading force 5 Kg, holding pressure 15 s), and in each group of 4 specimens,
each specimen was tested in 10 different positions, and then the average value was taken.

The samples were machined into 40 mm × 3 mm × 6 mm blocks by diamond wire
cutting, the fracture toughness of the samples was measured using the single edge notched
beam (SENB) method as shown in Figure 1a, and the loading speed was 0.5 mm/min
during the test. The fracture toughness KIC is calculated from Equation (1):

KIC = Y
3PL
2bh2

√
a (1)

where Y is the shape factor, P is the fracture load, L is the support span, a is the depth
of the cut, b is the width, w is the thickness, and c is the width of the cut. When span
length/thickness/width = 8:2:1, the shape factor Y is as follows:

Y = 1.96 − 2.75
( a

h

)
+ 13.66

(
a
h

)2 − 23.98
(

a
h

)3
+ 25.22

( a
h

)4
(2)

Figure 1. (a) Single edge notched beam schematic. (b) Flexural strength test schematic.

The flexural strength was measured by the three-point bending method as shown in
Figure 1b. The size of the specimen was 40 mm × 3 mm × 12 mm, and the loading speed
during the test was 0.5 mm/min. The bending strength can be calculated by Equation (3):

σ =
3PL
2Bh2 (3)

where P is the fracture load, L is the support span, b is the width, and h is the thickness.
High-temperature wettability tests were performed in a vacuum tube furnace (KJ-

GSL-1800X, Hefei, China). The oxide film on the surface of the copper used for the test
was polished with sandpaper and ultrasonically cleaned in anhydrous ethanol. The copper
particles were placed on the ceramic samples and heated together in a vacuum tube furnace.
The temperature was ramped up to the target temperature at a rate of 10 ◦C/min and held
for ten minutes, and when the copper droplets were stabilized, a high-definition camera
was used to take pictures. Finally, the contact angle was calculated using ImageJ (1.54v)
software. The contact angles of Cu droplets with ceramics were measured at 1133, 1183,
1233, 1283, and 1333 ◦C, respectively.
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3. Results and Discussion

3.1. Phase Composition

Figure 2a shows the XRD patterns of ARC2 samples sintered at different temperatures
for 2 h. The main phases in the sample are corundum and CaAl12O19 (CA6), with small
amounts of calcium silicate, quartz, pyroxene, and NaFe (SiO3)2. As the sintering tempera-
ture rises, most of the silicate is gradually burnt out. The XRD patterns of samples sintered
at 1500 ◦C for 2 h, ranging from ARC1 to ARC5, are depicted in Figure 2b. The composition
of the phases remains unchanged. It is worth noting that an increase in Cr2O3 content leads
to a slight shift of the diffraction peak towards smaller angles. This can be attributed to
that the formation of a complete replacement solid solution between Cr3+(0.64 m) and Al3+

(0.57 nm), resulting in the lattice constant changing, which results in a small shift in the
diffraction peak [11].

Figure 2. XRD patterns of the samples: (a) ARC2 samples sintered at different temperatures for 2 h;
(b) ARC1~ARC5 samples sintered at 1500 ◦C.
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Figure 3a shows the EDS data of the corroded ARC4 sample. Based on the composi-
tional data of the point energy spectra, it can be judged that the columnar grains in the
matrix are alumina crystals, and the hexagonal flake particles are CaAl12O19. From the
surface spectral analysis, it is observed that the Ca element is concentrated in the hexagonal
flake particles, and the Cr element is uniformly distributed in the matrix. Figure 3b shows
the EDS data of the uncorroded AR sample. From the results of the surface spectrum
analysis, Na and Si elements are mainly concentrated at the grain boundaries, and Fe
elements are uniformly distributed in the matrix, with a slightly higher concentration
at the grain boundaries. From the results of the point energy spectra, the silicate phase
mainly shows an amorphous pattern distributed between the alumina grains and fills the
grain-to-grain voids.

  

Figure 3. EDS results of composite ceramics: (a) ARC4 samples after 1 min in corrosion solution;
(b) ARC0 samples not corroded by corrosion solution.

3.2. Microstructural Characterization

Figure 4b–f shows SEM images of ARC2 sintered at different temperatures for 2 h. The
samples sintered at 1400 ◦C have been incompletely sintered, with more holes inside, and
the microstructure consists of fine equiaxed grains and a few hexagonal lamellar particles.
The CA6 grain exhibits preferential growth along the basal plane, and the coupled diffusion
of Ca2+ and O2- from the Ca-rich phase to the Al-rich phase controls the formation of CA6.
This anisotropy of growth rate leads to the formation and growth of CA6, preferring the
orientation of the base plane which is perpendicular to the reaction front, which leads
flaky CA6 being obtained after reaction and sintering [12,13]. The samples sintered at
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1450 ◦C exhibit abnormally grown grains with surface pores. This phenomenon can be
attributed to the rapid decrease in the viscosity of the glassy phase, which facilitates gas
diffusion in the liquid phase and subsequently leads to pore formation on the ceramic
body’s surface. A significant number of plate-like grains are observed in the samples
sintered at 1500 ◦C. This phenomenon can be attributed to the formation of a small quantity
of liquid phase within the lower-melting-point oxides present in the red mud. The uneven
distribution of this liquid phase leads to the coexistence of dry and wet interfaces, resulting
in variations in interfacial energy between the base surface of Al2O3 grains and other
interfaces. Consequently, different growth rates occur on different surfaces, leading to
anisotropic growth in certain grains [14].

 

 

Figure 4. Cont.
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Figure 4. SEM micrographs of ARC2 sintered at different temperatures for 2 h: (a) densification of
ARC2; (b) 1400 ◦C; (c) 1450 ◦C; (d) 1500 ◦C; (e) 1550 ◦C; (f) 1600 ◦C.

The densifications profiles of ARC2 samples sintered at various temperatures for 2
h are depicted in Figure 4a. It can be observed that the densifications of the composite
ceramic exhibit a gradual increase followed by a rapid decrease with increasing tempera-
ture. In the initial stage of ceramic sintering, the bonding between the particles is weak,
and there are more pores in the material. As the temperature increases, sintering and
solid-state diffusion begin to occur between the particles, the pores are gradually filled, the
material becomes denser, and the density gradually increases. The maximum densifica-
tion achieved is 97.75% for samples sintered at 1500 ◦C. Obvious lath-like grains can be
observed from Figure 4d. This is in agreement with the findings of Cahoon et al. [15]. They
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observed relatively uniform-sized anisotropic growth grains in pure alumina ceramics,
which appeared abruptly as the matrix approached final densification. The densities of the
composite ceramics decreased rapidly when the sintering temperature exceeded 1500 ◦C.
The density of the composite ceramics sintered at 1600 ◦C for 2 h was 94.85%. According to
the classical equation for grain growth kinetics:

Gn − Gn
0 = K·t (4)

where G is the grain size, G0 is the initial grain size, n is the growth index, K is a temperature-
dependent constant, and t is the sintering time. This equation shows that the grain size
increases with time and temperature. According to the Arrhenius equation, the grain
growth rate constant K is related to the temperature T as follows:

K = K0 exp
(−Q

RT

)
(5)

where K0 is a constant, Q is the activation energy for grain boundary migration, R is
the gas constant, and T is the absolute temperature. At high temperatures, the K value
increases significantly, and the grain growth rate is accelerated, especially in the late stage of
high-temperature sintering, and the abnormal grain growth phenomenon is more obvious.
Samples sintered at 1600 ◦C have very coarse grains, as shown in Figure 4f. In the case of
abnormal grain growth, the larger grains occupy more volume, while the smaller grains are
more difficult to move and cannot completely eliminate the inter-grain porosity. Especially,
larger residual pores may form between large grains. During normal grain growth, the
grain boundaries migrate uniformly and can effectively reduce the pores. However, at the
interface between abnormally grown grains and small grains, the grain boundaries migrate
unevenly, making it difficult to fill the pores in these regions. As a result, the densification
of the material decreases and the porosity increases.

Figure 5b–f shows the surface morphology of ARC1~ARC5. Overall, the effect of
Cr2O3 content on crystal morphology is not obvious. When the Cr2O3 content increased to
2.5 wt.%, obvious holes were observed in the matrix.

 

Figure 5. Cont.
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Figure 5. SEM micrographs of different samples sintered at 1500 ◦C: (a) A; (b) ARC1; (c) ARC2;
(d) ARC3; (e) ARC4; (f) ARC5.

The densification of pure alumina specimens sintered at 1500 ◦C for 2 h was 92.14%.
Figure 5a shows an incompletely densified structure with uneven grain size distribution
and a large number of holes in the matrix. In the case of alumina, ordinary sintering at
atmospheric pressure is usually above 1650 ◦C. The addition of red mud makes a small
amount of liquid phase appear in the matrix, which accelerates the mass transfer rate
during the sintering process. At the same time, under the action of capillary force generated
by the liquid phase, it causes pressure and sliding between particles, which prompts the
original particles to rearrange and improves the particle packing density. Based on this,
this study determined that the optimum sintering temperature of ARC composite ceramics
is 1500 ◦C, while the addition of red mud can effectively reduce the sintering temperature
of Al2O3 ceramics.

3.3. Mechanical Properties

Figure 6a,b show the flexural strength and hardness of ARC2 sintered at different
temperatures for 2 h. With the increase in sintering temperature, the flexural strength
and Vickers hardness of the samples increase first and then decrease. The maximum
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flexural strength of the sample sintered at 1500 ◦C is 297.03 MPa, and the hardness value is
17.44 GPa. This is because, when sintered below 1500 ◦C, the sample presents an incomplete
sintering state, retains more original particles, has poor interfacial binding force, and has
more pores, which is mainly inter-granular fracture. When the sintering temperature is
higher than 1500 ◦C, the grains in the matrix grow rapidly, and along with the liquid
phase volatilization at a low boiling point in the grain boundary, the density of the sample
decreases, resulting in a decrease in strength. The flexural strength of the sample sintered at
1600 ◦C is higher than that of the sample sintered at 1550 ◦C, because as the grain grows, it
is more difficult for the crack to bypass the large grain in the process of expansion, resulting
in a significantly higher proportion of trans-granular fracture (as shown in Figure 7a).

Figure 6. Cont.
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Figure 6. Mechanical properties of samples: (a) flexural strength of ARC2 sintered at different
temperatures; (b) Vickers hardness of ARC2 sintered at different temperatures; (c) flexural strength
of A~ARC5; (d) Vickers hardness of A~ARC5.

 

 

Figure 7. Cont.
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Figure 7. Fracture morphologies of some samples: (a) ARC2 sintered at 1600 ◦C; (b) ARC1 sintered at
1500 ◦C; (c) ARC4 sintered at 1500 C; (d) ARC2 sintered at 1500 ◦C; (e) toughness of ARC1~ARC5
sintered at 1500 ◦C.

Figure 6c,d show the flexural strength and hardness of A~ARC5 sintered at 1500 ◦C.
Since the pure alumina specimen was not fully sintered, its flexural strength was only
173.5 MPa, and its hardness was 8.65 GPa. Notably, the sample containing 1.5 wt.% Cr2O3
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exhibits the highest flexural strength. In the early stage of sintering, Cr3+ is easily enriched
on the surface of Al2O3 grains [16,17]. Due to the solid solution of Cr ions, the distortion
energy of the Al2O3 grain interface is increased, and the growth rate of the chromium-rich
interface is accelerated, which promotes the sintering of ceramic samples. On the other
hand, the increase in grain-boundary distortion energy has a positive effect on hindering
the dislocation motion, thus enhancing the flexural strength of the composite ceramics. The
mechanical properties of ceramics are very sensitive to defects such as porosity and cracks.
Cr2O3 is unstable under atmospheric pressure sintering and is easily converted to CrO3
through a gasification–condensation mechanism, leading to a decrease in the densification
of the ceramic samples. Consequently, the flexural strength and hardness of the ceramic
samples increase and then decrease with the increase in Cr2O3 content.

The fracture morphologies of some samples are depicted in Figure 7, exhibiting a
combination of through-crystal and inter-granular fractures. The growth of CA6 exhibits
a strong preferred crystallographic orientation, and the reaction primarily occurs by the
diffusion of Ca2+ into Al2O3. The distribution of CA6 phase in the matrix can be observed
in three different forms. Firstly, they distribute at the grain boundaries and fill the voids
between grains, which enhances material densification and reduces porosity and pore size,
thereby improving the strength of the composite material [18]. Secondly, CA6 grows along
the surface of Al2O3 grains, which prolong the path of crack growth and increase the energy
required for crack growth during inter-granular fracture and thus improve the fracture
toughness of the material [19]. However, due to the introduction of less Ca element, CA6
growing in the Al2O3 grain is very thin, so it can provide a limited strengthening effect, as
shown in Figure 7c.

It is worth noting that in the third case, CA6 is embedded between the Al2O3 grains at
different angles and forms an “endo-crystalline” structure with the Al2O3 grains [20,21],
as shown in Figure 7c. CA6 and Al2O3 have similar coefficients of thermal expansion
(8.0 × 10−6 ◦C−1, 8.6 × 10−6 ◦C−1, respectively) [22], and it is generally believed that
CA6 and Al2O3 do not undergo thermal mismatch and have good compatibility in the
matrix. However, this is limited to the independent existence of CA6 grains and Al2O3
grains, because there are gaps between grains to make up for this difference. And from the
perspective of the crystal structure of CA6 and Al2O3, the thermal expansion behavior of
the two phases is anisotropic, and the occurrence of thermal mismatch is predictable when
CA6 grows at different angles within the Al2O3 grains. This kind of structure will produce
micro-cracks at the sub-interface, weaken the effect of the main grain boundary, inhibit
the dislocation movement during the fracture process, play the role of crack pinning and
change the expansion direction of the main crack, and may change its fracture mode, i.e.,
from the original inter-granular fracture to trans-granular fracture, as shown in Figure 7d.

3.4. Wettability at High Temperature

Al2O3 ceramics have been extensively utilized in the fabrication of ceramic substrates
and ceramic cleavers [23]. With increasing demand for lower costs in semiconductor
packaging, the adoption of low-cost bonding wire becomes imperative. Consequently,
copper wire will inevitably replace gold wire as the primary alternative for bonding wire
in the future. By investigating the wetting behavior and interface reactions of Cu liquid on
RM–Al2O3 composite ceramic materials at elevated temperatures, this research establishes
a fundamental framework for the potential application of RM–Al2O3 composite ceramic
materials in the field of electronic packaging.

The contact angle data of Cu and RM–Al2O3 composite ceramics at different tempera-
tures are presented in Figure 8. It can be observed that the contact angle gradually decreases
with increasing temperature. Moreover, all contact angles measured at temperatures above
the melting point are greater than 90◦, indicating the non-wetting behavior of Cu and ARC
composite ceramic. The SEM images in Figure 9 illustrate the wetted interface of ARC2
with Cu droplets, revealing a clean and flat interface without any dissolution or presence
of reactants. It shows that at high temperature, the elements of red mud such as iron,
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nickel, sodium, calcium, and silicon in RM–Al2O3 composite ceramics have no diffusion
phenomenon, and there is no pollution of copper liquid.

Figure 8. Contact angle of samples’ surfaces with Cu.

Figure 9. SEM and EDS images of ARC2–Cu interface. The red square are face-scanning area and the
lines are line-scanning area.

Thomas Young proposed the contact angle of a liquid as the mechanical equilibrium
of the drop resting on a plane solid surface at the three-phase boundary.

γlvcos θ = γsv − γsl (6)

The London dispersion theory is employed by Berthelot [24] to calculate interfacial
tension based on the surface tensions of two phases, using the geometric mean combina-
tion rule:

γsl = γs + γl − 2
√

γsγl (7)
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The surface tension of Cu can be calculated from the following equation [25]:

γl = 1.32 − 2.8 × 10−4(T − 1358) (8)

The experimental values obtained by measuring the contact angle of copper and
ceramics at different temperatures are plotted as cosθ vs. γl. The Zismen approximation
was employed to establish a linear correlation between cosθ and γl:

cos θ = aγl + b (9)

The above equations are ultimately interconnected to establish the correlation between
γs and T:

γs = AT3 + BT2 + CT + D (10)

The fitted parameters are presented in Table 3. The surface energy data from ARC1~ARC5
have been compared with the surface energy results for aluminum oxide reported by
Eustathopoulos et al. [26] (γs = 20.77 − 0.007083 T), as illustrated in Figure 10. The surface
energy of ARC composite ceramics decreases more slowly as the temperature decreases
than that of Al2O3, and ARC3 and ARC4 have higher surface energy than Al2O3 at high
temperature. As the Cr content increases, the wettability of Cu on the composite ceramic
becomes worse. This can be explained in two ways. With the increase in Cr oxide, the solid
solution of Cr ions in Al2O3 increases, leading to an increase in lattice distortion, which
leads to an increase in the surface energy of the composite ceramics. Secondly, the excess
addition of Cr led to an increase in the internal pores of the composite ceramics, which also
led to an increase in the surface roughness of the material. According to the Wenzel model,
on a hydrophobic surface, the larger the roughness is, the more hydrophobic it is.

Table 3. Values of fitting parameters and corresponding calculation.

Sample a b R2 A B C D

ARC1 −2.32 2.28 0.94 −2.95 × 10−11 1.82 × 10−8 −0.0027 13.90
ARC2 −2.37 2.34 0.98 −3.08 × 10−11 2.00 × 10−8 −0.0028 14.43
ARC3 −2.56 2.55 0.92 −3.60 × 10−11 2.91 × 10−8 −0.0032 16.34
ARC4 −2.68 2.69 0.96 −3.94 × 10−11 3.47 × 10−8 −0.0035 17.68
ARC5 −2.38 2.33 0.92 −3.11 × 10−11 2.24 × 10−8 −0.0028 14.36

Figure 10. Surface energy of ARC1~ARC2 at high temperature.
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4. Conclusions

Using red mud, Al2O3, and Cr2O3 as raw materials, high-performance red mud
alumina composite ceramics have been prepared by press-free sintering. The experimental
results demonstrate the following:

(1) Red mud can significantly lower the sintering temperature of Al2O3 ceramics. The
samples sintered at 1500 ◦C with the addition of 1.5 wt.% Cr2O3 have better properties,
with a bending strength of 297.03 MPa, a fracture toughness of 6.50 MPa/m1/2, a
hardness value of 17.44 GPa and a densification of 97.75%.

(2) There are three different distributions of CA6 in ARC composite ceramics. CA6
distributing at grain boundaries can fill the voids between grains and improve the
densification of the ceramics. CA6 distributing parallel to the Al2O3 grains extends
the crack propagation path. CA6 and alumina grains form an “endo-crystalline”
structure, which can change the direction of crack propagation and transform from an
inter-granular fracture to trans-granular fracture.

(3) Cu liquid does not wet the ARC composite ceramics at high temperatures, no chemical
reaction occurs at the interface, and there is no elemental diffusion into Cu liquid.
Moreover, the ARC composite ceramics have a higher surface energy than Al2O3 at
high temperatures and decrease more slowly with temperature.
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Abstract: In this paper, we present a method for retrieving the optical properties of a nano-
designed TiN/AlN composite dielectric, using spectroscopic ellipsometry for experimental
measurements and wave optics simulations for numerical analysis. Composite cermets
have gained attention for solar–thermal energy conversion, but their fundamental optical
properties are not well understood. While characterizing uniformly deposited layers is gen-
erally straightforward, the process becomes more complex for nanoparticulate composites.
The refractive index is essential for investigating and tuning the optical characteristics of
the composite. Our method employs COMSOL Multiphysics software, validated by experi-
mental spectroscopic ellipsometry studies. The strong agreement between experimental
and numerical results supports this approach as a rational way to design material models
for optical property studies across a broad spectrum.

Keywords: composite dielectric absorber; cermet; spectroscopic ellipsometry analysis;
numerical homogenization; wave optics modelling

1. Introduction

The refractive index (n) of a material controls the reflection, transmission, and ab-
sorption of electromagnetic (EM) radiation in the range of the optical spectrum. Tuning
the optical properties of materials has attracted noticeable attention for applications in
opto-electronics, nano-optics, plasmonics, and many other technological fields, particularly
in the area of nanostructured films. Optical properties, in terms of refractive index, describe
the interaction between light and media and hence are of prime importance to materials
sciences. The refractive index of a material is a property that is necessary in a wide range of
applications and studies but is challenging to measure (Knöner et al. [1]), especially when
the design and the structure of the material are complex. The refractive index depends
on the wavelength and is defined as the ratio of light speed in vacuum to that inside the
material. It associates light scattering to the size, shape, and chemical composition of a
material/nanostructure (Brown [2], Bohren and Huffman [3]) and defines the magnitude
of the optical force that an EM field applies on nanoparticles (Righini et al. [4], Bendix
and Oddershede [5]). As the effective refractive index of a composite depends on the
chemical composition of the material phases as well as the size and concentration of the
nanoparticles, its determination can also be employed to differentiate between different
material phases in a sample.
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The absorption coefficient (a) determines how far in a material the light of a particular
wavelength penetrates before it gets absorbed. It depends on the material and also on the
wavelength. The (a) value of the material is directly dependent on the extinction coefficient
of the material (κ). Properties like reflectance (R), absorptance (A), and transmittance (T)
are optical characteristics of the coating film that determine the performance of a device;
hence, precise and exact measurements of the effective optical properties become of utmost
importance for the improvement of optical technology and its applications. The composite
absorber coating under investigation comprises a uniform distribution of 20 nm diameter
titanium nitride (TiN) nanoparticles embedded in an aluminium nitride (AlN) matrix,
forming a composite dielectric. This nanostructure design aims to achieve high absorbance
in the visible region of the spectrum while minimizing reflectance in the infrared region,
as detailed in Khanna et al. [6]. Accurate characterization of this composite is crucial for
validating the proposed TiN/AlN nanostructure design.

In this work, we used Scanning Electron Microscope (SEM) and X-ray Photoelectron
Spectroscopy (XPS) characterization data to inform about the nanostructure and molecu-
lar composition of the composite. This allowed us to accurately build a material model
and investigate the effective refractive index n(λ) and extinction coefficient κ(λ) of the
nano-designed TiN/AlN composite dielectric, both numerically and experimentally. For
the numerical study, we calculated the effective parameters from finite element simulations
using COMSOL Multiphysics V6.0software. For the experimental study, we retrieved
the effective parameters from spectroscopic ellipsometry (SE) measurements. Determin-
ing the effective refractive index of rough nanoparticulate composite thin coatings using
SE presents several challenges. The calculated effective refractive index often does not
physically correspond to the homogenized material properties. Consequently, additional
characterization techniques, such as SEM and XPS, are required to quantify surface rough-
ness and layer composition and to incorporate these factors into SE analysis. Furthermore,
resolving ambiguities in the refractive index necessitates iterative constrained fitting with
complex optical models.

Following this introduction, the remainder of this paper is structured as follows:
Section 2 presents the SEM and XPS characterization, along with a detailed analysis of
the nanostructure composition of the TiN/AlN composite samples. Section 3 provides
an overview of the numerical modelling approaches, outlining the equations governing
the interaction between electromagnetic waves and the composite dielectric material, as
well as the methods used to determine the effective refractive index from both numerical
simulations and SE measurements. Section 4 details the nanoscale model simulations
conducted using COMSOL Wave Optics software to obtain scattering parameters and
retrieve the effective refractive index. It also describes the optical models used to derive the
effective refractive index from SE measurements. A detailed comparison of the effective
optical properties obtained through numerical and experimental studies is then discussed.
Finally, Section 5 concludes the paper by summarizing the key findings and providing a
qualitative review of the proposed approaches.

2. Structure of the Composite

2.1. SEM Characterization

To synthesize the AlN/TiN thin-film coating, a layer-by-layer process was employed.
This involved a wet-deposition technique to distribute TiN nanoparticles, followed by an
atomic layer deposition (ALD) technique for AlN layers, as sketched in Figure 1. The simul-
taneous formation of both phases at the same time could not be achieved in a controlled
manner (Khanna et al. [6]). Instead, the DC magnetron sputtering method proposed by
Bilokur et al. [7], Du et al. [8] has enabled the deposition of titanium aluminium nitride

164



Crystals 2025, 15, 143

(TiAlN) crystals. In contrast, our work aims to combine the distinct properties of TiN and
AlN within a single composite. The composite was formed by depositing multiple layers of
TiN nanoparticles embedded in an AlN matrix, stacked on top of each other, resulting in a
total thickness of a few hundred nanometres. Each layer was created by first dispersing TiN
nanoparticles onto the previous layer using a liquid suspension, followed by embedding
them in the AlN matrix. A conformal deposition of AlN onto the TiN NP dispersion is
performed. The synthesis process is detailed in Khanna [9]. Figure 1 shows a schematic of
the composite, showing details of deposition in cross-sectional views. The layer’s number,
from 1 to 8, is indicated on the right-hand side of the image, where odd numbers correspond
to TiN deposition cycles, and even numbers correspond to alternating AlN layer deposi-
tions. Two specimens of the TiN NP suspension were considered. The first specimen was
made from dry powder of TiN, while the second specimen was a ready-to-use suspension.
The development of the composite was guided by a material design approach based on
numerical simulations. These simulations indicate that the composite’s optical properties
can be adjusted by manipulating the distribution of TiN particles embedded within the
AlN matrix, enabling the prediction of an optimal configuration. In this paper, composite I
will be regarded as the one prepared with dry powders of TiN, while composite II is the
one prepared with the ready-made TiN suspensions. Figure 2i,iii show the top view of the
very first layer of composites I and II, respectively, and (ii) and (iv) are the cross-sectional
view of the synthesized layers of composites I and II, respectively. During SEM analysis,
the surface coverage was estimated to be approximately 20% for composite I and 23% for
composite II. Additionally, it was observed that the average thickness of the composites
varied. This is possibly due to the presence of a large amount of agglomerations of NPs,
both the dry powder and ready-made dispersion, leading to chunks of a few nanometres
accumulating, one on top of the other.

Figure 1. Schematic of the composite showing the cross-sectional view.

In addition, manual control over the TiN NPs’ distribution throughout the composite
leads to an inhomogeneous distribution in some places, making agglomerates of NPs, as
represented in Figure 1. Overall, it was observed that the average thickness was smaller
for composite I. This was verified by measuring the thickness at various positions on
the sample. A key reason for this behaviour could be the addition of dispersant in the
ready-made TiN suspensions. This is clearly seen in Figure 2, where TiN NPs cover more
area in the case of composite II than in composite I (colour threshold for NP area calculation
is shown in red). Thickness differences between the two composites were also confirmed
by SE. This is explained in detail later, in Section 4.2. It is also evident from Figure 2ii,iv that
the two types of composite possess a high degree of roughness due to the agglomeration of
the NPs.
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Figure 2. SEM images showing the top and cross-sectional views of the prepared samples. (i) Top
view of the 1st deposited layer of composite I (shown in red is the area covered by the TiN nano
powder). (ii) Cross-sectional view of composite I (total of 8 deposited layers). (iii) Top view of the 1st
deposited layer of composite II (shown in red is the area covered by the TiN nanoparticles dispersion).
(iv) Cross-sectional view composite II (total of 8 deposited layers).

2.2. XPS Characterization

XPS analysis was performed using a Kratos Axis Ultra DLD instrument with an
Al (1486.6 eV) X-ray source and a 4 keV argon ion gun for etching. This setup en-
ables the determination of the in-depth elemental composition and distribution of the
primary constituents. XPS analysis confirms the presence of TiN, AlN, and Al2O3 in
the core of the composite. The formation of Al2O3 was attributed to oxidation dur-
ing the composite preparation process. This occurred due to air exposure after each
AlN thin-film deposition and the post-deposition oxygen plasma treatment of AlN, in-
tended to enhance the adhesion of TiN nanoparticles. The upper surface, which is
strongly oxidised due to the direct contact with atmospheric oxygen, was a mixture of
AlN and Al2O3. The surface of AlN films is prone to oxidation, and the emergence of
different forms of oxides and hydroxides on its surface has been previously reported
(Liao et al. [10], Méndez et al. [11], Jose et al. [12], Zhang [13]). Al2O3 and AlON are opti-
cally transparent materials over the light spectrum, near-ultraviolet, visible, and midwave-
infrared regions; therefore, their presence would not have any negative impact on the
optical properties of the composites. Notably, the Si signal and the oxygen associated with
Si, which become prominent at longer etching times, were excluded from the percentage
calculations to better highlight the trends of the elements of interest.

The XPS analysis results suggested that the composite could be considered as consist-
ing of two distinct layers, with the upper one, referred to as layer 1, being composed of AlN
and Al2O3, while the one below, designated as layer 2, comprised a blend of AlN, Al2O3,
and TiN. Cross-sectional SEM images confirmed that the thickness varied between samples
of composites I and II, leading us to approximate an effective thickness for each of the two
layers. Table 1 gives the chemical composition at different times of etching starting from the
top surface of the composite until the Si substrate is reached. Information from 0 s to 60 s
(shown in red) about etching timing is completely ignored, due to the presence of carbon
impurities, as shown in the C1s% column. Information from 120 s to 900 s (shown in blue)
is considered as layer 1, where Ti is absent; thus, only AlN and Al2O3 are present. The
presence of AlN and Al2O3 was investigated through high-resolution scans acquired for
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Al2p, N1s, O1s, Ti2p, and orbitals. For layer 2, information from 1200 s to 4200 s (shown in
purple), showing the presence of Ti along with Al, N, Si, and O, is considered as the main
layer of the composite. The signals from 4800 s to 6000 s (shown in yellow) correspond
to the oxidation layer of the silicon wafer, and the remaining data from 6600 s to 9000 s
correspond to the silicon wafer substrate. We estimated the thickness of layer 1 t1 and the
thickness of layer 2 t2 as

t1 =

[
1050 s − 120 s
4200 s − 120 s

]
× L 	 68 nm (1)

t2 =

[
4200 s − 1050 s
4200 s − 120 s

]
× L 	 232 nm (2)

Here, L = 300 nm represents the average thickness of the composite, while 4200 s
corresponds to the etching time just before the Si signal reaches its peak. The etching
begins penetrating layer 1 at 120 s. The etching time 1050 s is considered the transition
between layers 1 and 2, as it lies halfway between 900 s and 1200 s. These thicknesses
would provide a useful reference for subsequent FEM simulation and SEM calculations.
The volume fractions of corresponding phases in layer 1 and layer 2 were estimated as
outlined in the equations below. For layer 1, the average percentage composition is 44.76%
for Al2p, 28.56% for N1s, and 26.67% for O1s. Assuming that the 28 atoms of N are bonded
to 28 atoms of Al to form 28 molecules of AlN, this leaves 16 out of 44 atoms of Al available
to bond with 26 atoms of O. For Al2O3, 8 atoms of Al combine with 24 atoms of O. While
there are 26 oxygen atoms in total, the remaining 2 are disregarded for simplicity, as the
calculations are only approximations.

vAlN = atomic mass of AlN
density of AlN = 13.4 cm3 (3)

vAl2O3 = atomic mass of Al2O3
density of Al2O3

= 25.7 cm3 (4)

where vAlN represents the molar volume of AlN, and vAl2O3 represents the molar volume
of Al2O3. The total volume of AlN is determined as VAlN = 28 × 13.4 cm3 = 375.2 cm3,
while the total volume of Al2O3 is calculated as VAl2O3 = 8 × 25.7 cm3 = 206.1 cm3. Thus,
the volume fractions in layer 1 are deduced as follows:

v fAlN =
VAlN

VAlN + VAl2O3

= 0.64 (5)

and

v fAl2O3 =
VAl2O3

VAlN + VAl2O3

= 0.35 (6)

With same reasoning for layer 2, the average percentage composition is 35% for Al2p,
17.44% for N1s, 38.54% for O1s, and 8.10% for Ti2p. Assuming that 8 atoms of N bond
to 8 atoms of Ti to form 8 molecules of TiN, this leaves 9 out of 17 atoms of N to bond
with 9 atoms of Al, resulting in 9 molecules of AlN. The 26 atoms of Al left over bond to
13 atoms of O, forming 13 molecules of Al2O3. As the molar volume of TiN is

vTiN = atomic mass of TiN
density of TiN = 11.4 cm3 (7)

we deduce that VAlN = 9 × 13.4 cm3 = 120.6 cm3; that for Al2O3 is VAl2O3 = 13 ×
25.7 cm3 = 334.1 cm3; and that for TiN is VTiN = 8 × 11.4 cm3 = 91.2 cm3. Thus, the
volume fractions of the phases in layer 2 are
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v fAlN =
VAlN

VAlN + VAl2O3 + VTiN
= 0.22 (8)

,

v fAl2O3 =
VAl2O3

VAlN + VAl2O3 + VTiN
= 0.61 (9)

and
v fTiN =

VTiN

VAlN + VAl2O3 + VTiN
= 0.16 (10)

Table 1. XPS analysis for composite I mentioning the elemental composition from 0 s to 9000 s
of etching.

Etching
Time(s)

Al (at.%) C (at.%) N (at.%) O (at.%) Si (at.%) Ti (at.%)

0 30.89 24.06 19.32 25.72 0 0
Rows ignored-Presence of Carbon.60 43.74 1.87 31.77 22.60 0 0

120 45.63 0 33.04 21.31 0 0

Layer 1: 64.5% Al2O3, 35.5% AlN

180 45.91 0 33.25 20.82 0 0
240 45.68 0 33.24 21.39 0 0
300 45.68 0 32.74 21.39 0 0
600 44.12 0 25.66 30.21 0 0
900 41.36 0 13.42 45.21 0 0

1200 36.11 0 11.05 44.01 6.80 2.00

Layer 2: 61% Al2O3, 22.4% AlN, 16.5% TiN

1800 23.85 0 10.25 30.32 31.13 4.42
2400 14.99 0 7.10 18.65 55.61 3.63
3000 8.27 0 3.78 10.30 75.13 2.49
3600 4.47 0 2.94 5.36 85.89 1.23
4200 2.00 0 1.28 2.55 93.47 0.67
4800 1.29 0 0.30 0.83 97.56 0

Subtracted: Si and SiO2 content5400 0.77 0 0 0.49 98.73 0
6000 0 0 0 0.19 99.80 0
6600 0 0 0 0 100 0

Rows ignored-Silicon substrate.7200 0 0 0 0 100 0
9000 0 0 0 0 100 0

3. Numerical Modelling

Typical solar absorbing materials used for solar–thermal conversion are often con-
ceived as a composite dielectric of metal cermets. Metal nitrides have been investigated
for their potential advantages, such as weather resistance, high melting points, and en-
hanced optical and electrical properties (Khanna et al. [6], Rohmer et al. [14], Chang
et al. [15], Nelson and Wagner [16]). In the past decade, the multidisciplinary element
in materials science research has raised the degree of complexity in the systems under
study (Dobrzański [17], Siegenfeld and Bar-Yam [18]). The use of powerful numerical
modelling tools has provided exceptionally accurate predictions of the physical processes
and suggested numerous advanced possibilities for optimized experimental procedures
(Körkel et al. [19], Tan et al. [20]).

To simulate the interaction between light and the composite dielectric material,
and subsequently the wave optics interaction with nanoparticles, we solve Maxwell’s
Equation (11) in the frequency domain for wave propagation through the composite film
in a steady state.

∇×∇× E − k2
0ñ2E = 0 (11)

Here, E represents the electric field vector and k0 denotes the wave number in free
space. It is also essential to qualitatively study the optical properties of the individual
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components of the composite. The dielectric loss is expressed within a complex wave
vector as

k̃ = k′ − jk′′ = ñk0 (12)

Here, ñ is the complex refractive index of the medium. Its real part n and imaginary
part κ are both intrinsic values of a material that depend on the wavelength of the incident
light and are related to the complex relative dielectric function, ε̃ (Batsanov et al. [21]), as

ñ = n − jκ =
√

ε̃r(ω) (13)

where n is defined by Snell’s law (Bahaa E. A. Saleh [22]) as the ratio between the speed of
light inside the medium, v, and the speed of light in vacuum, c =299,792,458 m/s:

n =
c
v

(14)

Meanwhile, κ is the wave extinction. It is related to absorption and represents dielectric
loss, due to the delayed response of molecular dipoles, Joule losses from conduction, and
wave scattering extinction. The attenuation of light intensity I, as the light travels through
the medium, is described by the Beer–Lambert law (Mayerhöfer et al. [23]):

I(d) = I0e−ad (15)

where (a) is the attenuation coefficient and (d) is the distance travelled by the wave inside
the material. The value of (a) is related to the extinction coefficient κ of the material
according to

a =
4πκ

λ
(16)

It follows that
ln(

I
I0
) = −ad = −4π

κd
λ

(17)

If the film is such that λ� κd, then it becomes transparent (Zhang et al. [24], Pérez [25],
Chen and Boström [26]). Reflection occurs at the interface between two media with dif-
fering refractive indices. As light propagates through a medium, some of it is absorbed.
Consequently, transmittance represents the fraction of the light beam that successfully
passes through the medium, such that

R + T + A = 1 (18)

In order to design a good solar light absorber with spectral selectivity, we choose
materials that lead to an effective refractive index, close to that of air in the visible part of
the spectrum to minimize reflection, while being higher in the infrared region to maximise
reflection and reduce blackbody radiation loss. Figure 3 presents the refractive index
curves of the material phases. The AlN and Al2O3 curves exhibit no dispersion across the
visible to infrared spectrum, meaning that refractive index remains constant, and there is
zero extinction coefficient. This transparency makes these materials highly efficient for
light transmission. In contrast, TiN is conductive, exhibits high loss, and is dispersive,
with a refractive index near unity in the visible spectrum but increasing significantly in
the infrared region. When designing the composite dielectric TiN/AlN-Al2O3, care is
taken to prevent TiN nanoparticles from reaching the percolation threshold by avoiding
agglomeration that could cause excessive reflection in the visible region and considering
smaller particles to enhance scattering extinction (Striebel et al. [27]).
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Figure 3. Optical properties n and κ for material phases TiN, AlN, and Al2O3.

3.1. Numerical Acquisition of ñ(λ)

The homogenization theory was introduced by Maxwell Garnett [28]. Since then, many
empirical formulations have been derived using the Maxwell Garnett and Bruggeman
approximations to calculate the effective dielectric constant for composites with various
shapes and types of inclusions (Doyle [29], Markel [30]). Recently, however, finite-element-
based methods have become the most preferred due to their simplicity (Nayak et al. [31]).
Here, for the estimation of the effective optical parameters of the composite, we solve the
problem of wave propagation at normal incidence, through an infinitely long dielectric
slab, as sketched in Figure 4, in the frequency domain using the finite element method
and calculate the scattering matrix Sij. Then, the values of n and κ are derived using the
algorithm described below. To achieve this, we assume a symmetric medium in which[
Sij

]
= [S11, S21].

Figure 4. Illustration depicting the components of the electric field in a wave travelling from left side
to right side through an infinite dielectric film with a thickness of d.

Figure 4 shows the field components, propagating from left side to right side through
the dielectric film. Here, the subscripts � and r denote left and right, respectively, while the
superscripts i, s, and t denote incident, scattered, and transmitted components, respectively.
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Inside the dielectric, forward-propagating components are denoted by the superscript +,
while backward-propagating components are denoted by the superscript −. The elementary
reflection coefficients at the left and right sides are denoted by ρ� and ρr, respectively.
Assuming the presence of air on both sides of the dielectric, i.e., n� = nr = n0, then

ρ� = −ρr =
n0 − ñd
n0 + ñd

(19)

The relationships between the field components across the interfaces are given in
Orfanidis [32] and are expressed in a straightforward way using the matching matrices

[
Ei
�

Es
�

]
=

1
ρ� + 1

[
1 ρ�
ρ� 1

][
E+
�

E−
�

]
(20)

[
E+

r
E−

r

]
=

1
ρr + 1

[
1 ρr

ρr 1

][
Et

r
0

]
(21)

and the propagation matrix

[
E+
�

E−
�

]
=

[
ejk̃d 0
0 e−jk̃d

][
E+

r
E−

r

]
(22)

The relationships

Ei
� =

1
(ρ� + 1)(ρ� + 1)

(
ejk̃d + ρ�ρre−jk̃d

)
Et

r (23)

and
Es
� =

1
(ρ� + 1)(ρ� + 1)

(
ρ�ejk̃d + ρre−jk̃d

)
Et

r (24)

lead to the expressions

S11 =
Er
�

Ei
�

=
ρ� + ρre−j2k̃d

1 + ρrρ�e−j2k̃d
(25)

and

S21 =
Et

r

Ei
�

=
(1 + ρ�)(1 + ρr)e−jk̃d

1 + ρrρ�e−j2k̃d
(26)

for the scattering parameters. In the simulations at nanoscale, we consider the same
medium on the left and right sides; therefore, we set

e−jk̃d = Γ =| Γ | e+jφ ρ� = −ρr = ρ (27)

and we obtain the values

ζ +
√

ζ2 − 1 = ρ ζ =
S2

11 − S2
21 + 1

2S11
(28)

and
Γ =

ρ − S11 − S21

ρ(S11 + S21)− 1
(29)

The values of S11 and S21 in Equation (29) are determined from simulation on the unit
cell, representing the dielectric composition at the nanoscale, as described in Section 4.1 below.
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Finally, the complex refractive index of the slab (Nicolson and Ross [33], Smith et al. [34])
may be determined as

ñd =
2πm − φ

k0d + j
ln | Γ |

k0d
(30)

Here, the coefficient m denotes the branch order of the inverse tangent function.

3.2. Acquisition of ñ(λ) from SE Measurements

SE is primarily a technique for measuring the optical properties of thin coating materi-
als with polarized light. The measurements are based on the analysis of the polarization
of the light beam reflected from the sample surface. Figure 5 shows a schematic repre-
sentation of the SE measurement. A linearly polarized light beam illuminates the sample
with a specified incidence angle. Upon reflection, the beam transforms into elliptically
polarized light (Lissberger [35]), with the polarization change being entirely dependent
on the wavelength, the angle of incidence, the thickness of the layers in the sample, and,
most importantly, their optical model. The changes in polarization are expressed through
ellipsometric parameters, namely the phase difference �, which represents the difference
between the s-wave and p-wave components of the reflected wave, and tan Ψ, which relates
to the amplitude change. The angle of incidence for the interaction between the beam and
the sample should be close to Brewster’s angle, where this method is most effective (Bakker
et al. [36]). A model is chosen to represent the sample’s characteristics, and the param-
eters � and Ψ are compared to the measured values. This model applies mathematical
dispersion formulas to determine material properties, such as thickness, surface roughness,
and optical parameters, by adjusting specific fitting parameters. The constructed model
describes the individual layers in terms of their thicknesses and optical parameter values
(Yusoh et al. [37]).

Rp

Rs
=

Er
p/Ei

p

Er
s/Ei

s
= tanΨ.ej� (31)

where Rp and Rs denote the reflection coefficients of the p-polarized and s-polarized light,
respectively. Ei,r

p denotes the intensities of the incident and reflected electric field of the
p-wave and Ei,r

s denotes the intensities of the incident and reflected electric field of the
s-wave.

Figure 5. Schematic of the SE measurement, where the composite under study is represented by
layers 1 and 2 with rough surface.

172



Crystals 2025, 15, 143

4. Results and Discussion

4.1. Numerical Simulation

Considering the volume fractions shown in the XPS table (Table 1), a unit cell model
was created for layers 1 and 2 in order to calculate the effective parameters n and κ as shown
in Figure 6. The left side shows details of the whole computational domain of the nanoscale
model, with the Al2O3 phase embedded in an AlN matrix forming a representative unit
cell for layer 1. On the right side of the figure, it shows TiN and AlN embedded in an
Al2O3 matrix forming a representative unit cell for layer 2.

Figure 6. Details of nanoscale simulation showing a representative unit cell model for layer 1 and
layer 2 used for the retrieval of n and κ.

Equation (11) is solved within the nanoscale model with the following boundary
conditions:

• Perfectly Matched Layers (PMLs) were applied to the top and bottom domains of the
computational domain to simulate an infinite space. Both the PMLs and air regions
were assigned a thickness equal to (λ/2) each.

• The boundary surfaces between the PML domain and the air spacing serve as ports
for initiating the incident wave illumination and for post-process calculation of the
scattering coefficients Sij.

• Floquet periodic boundary conditions are implemented on the transverse sides of the
computational domain to emulate an infinitely extensive film.

The TiN phase has a width of 20 nm and the unit cell has a width of 26 nm. These
sizes are determined to comply with the volume fraction of the phases. The maximum
mesh element size allowed here in the nanoscale model simulation is λ/15. The calculation
takes 15 min to complete the frequency sweep over the VIS-IR range. The S-parameters are
post-processed for the representative unit cell, and then the optical properties are retrieved,
as explained in Section 3.1. The results from these numerical models are compared to those
obtained experimentally from SE in the following sections.

4.2. Optical Measurements by Spectroscopic Ellipsometer

The numerical model for retrieving optical properties is validated by performing
measurements on the synthesised samples. Due to the wide susceptibility in ellipsometry,
employing a dependable and efficient numerical approach to forecast outcomes before
conducting experiments is highly advantageous. This is especially useful for analysing
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systems with intricate nanostructures. Here, we introduce a straightforward method,
offering thorough SE analysis for complex multi-layer systems. This approach allows
flexibility in design regarding thickness, the number of layers, and phase composition. The
SE analysis was conducted over the spectral range (370 nm to 1600 nm) allowed by the
apparatus bulb. A standard model was developed to analyse composites I and II, reflecting
the characteristics of the real samples. The model was initiated with a 300 μm thick Si
wafer and a thin 10 nm oxidised layer of SiO2 on top. For layer 2, a Cauchy model was
created for the conductive TiN embedded within a insulating matrix of mixed AlN and
Al2O3; thus, the Cauchy absorbent dispersion law was applied. This approach is typically
used to describe the optical properties of materials that are weakly absorbent. Since the
TiN content in the composite is only 20%, it qualifies as weakly absorbent. The Cauchy
absorbent model is defined as

n(λ) = A +
104

λ2 B +
109

λ4 C (32)

k(λ) = 10−5 · D +
104

λ2 E +
109

λ4 F (33)

Six fitting parameters are employed in this model, where the first three—A (dimen-
sionless), B (nm2), and C (nm4)—have to fulfil the condition

0 <| C |<| B |< 1 < A (34)

The extinction coefficient is described by the other three fit parameters: D (dimen-
sionless), E (nm2), and F (nm4). Layer 1 was modelled using the ‘Cauchy Transparent’
model. This layer comprises only a transparent mixture of AlN and Al2O3. This implies
that κ(λ) = 0.

n(λ) = A +
104

λ2 B +
109

λ4 C (35)

κ(λ) = 0 (36)

This model is most effective for materials with no optical absorption in the visible
spectral range, typically exhibiting normal dispersion, where n decreases as the wavelength
increases. Surface roughness was a significant factor in our case, as both composites
demonstrated substantial roughness. Consequently, an additional layer representing the
real surface roughness, modelled with a gradient, was added on top of the model. To
construct the Cauchy model for both layers, the thicknesses t1 and t2 were initially fixed at
68 nm and 232 nm, respectively (as determined in Section 2.2). This approach allowed us
to calculate the values for A, B, C, D, E, and F for both layers. Once the values of these six
parameters were established, a standard model was generated. During the analysis of four
samples for each composite (I and II), the thicknesses t1 and t2 and the surface roughness
were adjusted for fitting in each iteration.

Table 2 presents the fitting parameters of the Cauchy model used to retrieve the optical
functions from SE measurements. The thicknesses t1 and t2 and surface roughness SR

obtained for different samples are listed in the top lines. The bottom lines list the Cauchy
parameter values for corresponding layers 1 and 2 of each sample. The consistent parameter
values across all samples demonstrate excellent reproducibility, validating the reliability
of the synthesis technique employed. The layer thicknesses align closely with averages
obtained from SEM images and those derived from XPS data, reinforcing the observation
that the average coating thickness, L, is greater for composite II. These results further
support the predictions of the numerical model for such a complex nanostructure.
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Table 2. A detailed table showcasing the thickness (t1, t2) and surface roughness (SR) for three
individual samples of composite I and composite II. Additionally, the table includes the Cauchy
fitting parameters for each sample.

Spectroscopic Ellipsometer
Model

Composite I Composite II

Sample i Sample ii Sample iii Sample i Sample ii Sample iii
Surface Roughness (SR) 68.5 nm 80 nm 64.5 nm 115.5 nm 79.2 nm 71.5 nm

Layer 1 Cauchy Transparent (t1) 48.3 nm 55 nm 55 nm 44 nm 84.8 nm 91.4 nm
Layer 2 Cauchy Absorbent (t2) 192.5 nm 180 nm 198 nm 281.8 nm 294.6 nm 296.4 nm

SiO2 10 nm
Si Substrate 300 μm

Fitting parameter layer1 layer2 layer1 layer2 layer1 layer2 layer1 layer2 layer1 layer2 layer1 layer2
A (1) 1.809 2.973 1.809 2.973 1.809 2.973 1.809 2.973 1.809 2.973 1.809 296.43

B (nm2) −0.219 −0.732 −0.219 −0.732 −0.219 −0.732 −0.219 −0.732 −0.219 −0.732 −0.219 −0.732
C (nm4) 0.025 0.097 0.025 0.097 0.025 0.097 0.025 0.097 0.025 0.097 0.025 0.097

D (1) 0.003 0.0003 0.003 0.288 0.003 0.376 0.003 0.686 0.003 0.704 0.003 0.667
E (nm2) 0 0.092 0 −0.02 0 −0.167 0 −0.314 0 −0.316 0 −0.4
F (nm4) 0 −0.002 0 0.006 0 0.027 0 0.057 0 0.064 0 0.095

4.3. Analysis of the Retrieved Refractive Index for Composites I and II

The above discussion provides a foundation for the methodology used to determine n
and κ for the complex composite structure. To enhance understanding and improve accu-
racy in assessing the performance of the two composites regarding their light absorptance
and reflectance, obtaining refractive indexes for both layer 1 and layer 2 of composites I
and II is essential. This section presents a clear comparison, emphasizing differences and
offering logical explanations behind the experimentally and numerically obtained optical
properties. The values of n and κ from numerical simulations were derived at an incident
angle of 50◦.

In Section 4.1, the volume fractions used for numerical calculations were derived from
XPS data shown in Table 1. The surface roughness was not incorporated within the initial
model. The wave optics module in COMSOL Multiphysics software does not include a
feature to directly account for roughness, yet our samples exhibit a significant degree of
roughness, making it necessary to consider this factor when calculating n and κ. To address
this, we included an air fraction of 25% to the unit cell of layer 1 as an alternative way to
model the roughness.

Surface roughness values, approximately 60 nm as shown in Table 2, are smaller than
the wavelengths in the studied spectrum (370 nm to 1600 nm), justifying the homogeniza-
tion approach. This assumes that the voids contributing to roughness are part of a smooth
layer 1 comprising AlN and Al2O3 phases. Figure 7 compares the refractive index and
extinction coefficient values of layer 1 for three samples with subscripts (_i, _ii, _iii) of both
composites and the numerical model predictions. The solid curves represent the refractive
index n, while the dashed curves depict the extinction coefficient κ. Green curves illustrate
the numerical predictions for the upper layer 1, black curves in Figure 7i correspond to
composite I, and red curves in Figure 7ii correspond to composite II.

The nanoscale simulations assume a uniform mixture of Al2O3, AlN, and air in layer 1,
leading to a quasi-constant n and a negligible κ over the spectrum, as seen in Figure 7.
This prediction aligns consistently across the spectral range. The calculated n and κ

values for the AlN, Al2O3, and air mix are well justified and align with the XPS analysis
results presented in Table 1 during the initial etching phase until the composite core is
reached. As a combination of three dielectric materials, the experimental κ values for
layer 1 in all samples of both composites remain nearly zero, rendering layer 1 completely
transparent. Notably, the n and κ values for layer 1 across all samples are identical, resulting
in overlapping curves.
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Figure 7. Comparison of optical functions n and κ determined experimentally and through nanoscale
simulations for layer 1: (i) results corresponding to samples of composite I and (ii) results corre-
sponding to samples of composite II.

Figure 8 illustrates the comparison of optical functions for each sample of both com-
posites I and II, alongside numerical predictions for layer 2. On the left (i), the n values for
samples (_i) and (_ii) closely align, while sample (iii) shows a slightly lower n in the visible
region of the spectrum. The κ values for the samples of composite I range from 0.1 to 0.35
and show good agreement across the spectrum. However, the κ values obtained from the
nanoscale model, represented by the dashed green curve, present high values in the visible
range. This discrepancy arises because the numerical model assumes an idealized scenario
with a perfect, periodic distribution of TiN inclusions within the AlN and Al2O3 matrix,
which explains the resulting destructive interference.

All curves representing n converge in the infrared (IR) region, following a similar trend
with moderate differences. Variations among the samples are attributed to the imperfect
distribution of TiN NPs within the matrix. Since the TiN NPs were laid randomly in a
wet solution, some inhomogeneity occurred, leading to the formation of agglomerates and
clusters in specific areas, which altered light interaction behaviour. The higher κ values
observed in Figure 8ii are due to a greater concentration of TiN particles in composite II.
This is supported by SEM images in Figure 2, which show a TiN inclusion distribution of
22% in composite II compared to 19% in composite I.

Figure 8. Comparison of optical functions (n and κ values) determined experimentally and through
nanoscale simulations for layer 2: (i) results corresponding to samples of composite I and (ii) results
corresponding to samples of composite II.

The electrically conducting nature of TiN nanoparticles in the layer 2 of the composite
makes its κ values significantly elevated in both composites compared to the ones of layer 1.
Figure 9i,ii provide a comparison of functions n and κ for composites I and II, covering,
respectively, layer 1 and layer 2 alongside the numerical predictions. Figure 9i highlights
the n and κ values for layer 1, showing that the refractive index values for both composites
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are lower than the numerical predictions in the visible range. This discrepancy is likely due
to inaccuracies in the fitting model in the SE software (completeEASE M2000), while the
dip seen at 500 nm is due to the TiN refractive index, as illustrated in Figure 3. Figure 9i
compares the n and κ values of layer 2 for composites I and II with the nanoscale predictions.
Although the distribution of TiN nanoparticles was manually controlled, it can be observed
that the constant optical values for the three samples of each composite and the numerical
predictions were consistent and within a comparable range.

Figure 9. (i) Optical functions of layer 1 comparing composite I and II with numerical predictions.
(ii) Optical functions of layer 2 comparing composite I and II with numerical predictions.

4.4. Analysis of the Reflectance Properties of Composites I and II

To validate the numerical characterization approach of the nanostructured composite,
measurements of the reflectance of composites I and II were performed using a UV–visible
spectrophotometer based on parameters such as the size of the TiN nanoparticles and the
volume fraction of TiN within the AlN matrix. A spectrally selective filter was designed to
achieve minimum reflection in the visible region and maximum reflectance in the IR region
of the spectrum. The effective optical parameters of the composite, including the refractive
index (n) and extinction coefficient (κ), were retrieved for both composites I and II.

The macromodel, simulating the homogeneous layers of the composite as shown in
Figure 10, was refined based on the outcomes of the XPS characterization. These refine-
ments specifically addressed the presence of a certain fraction of alumina (Al2O3) and
the thicknesses of the layers (see XPS results in Table 1). The effective optical parameters
derived from the nanoscale model were incorporated into the homogenized macromodel
to evaluate the reflectance across the visible light spectrum. Since the size of the TiN NPs
is extremely small compared to the wavelength, the shape effect of the NPs is negligible;
therefore, the NPs were modelled as cubes in the unit cells of the nanoscale model. The
side of the TiN cube was set to 20 nm, while the unit cell width was determined as 26 nm
based on the volume fraction of the phases.

The composite was divided into two layers, layer 1 and layer 2, for the macromodel
simulations. The n and κ values retrieved from the unit cell prepared with an AlN matrix
containing a volume fraction ofAl2O3 and air, with the corresponding thickness deduced
from XPS data, were assigned to layer 1. Similarly, the n and κ values from the unit cell
prepared with an Al2O3 matrix containing volume fractions of AlN and TiN, with the
corresponding thickness deduced from XPS data, were assigned to layer 2.
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Figure 10. Details of the constructed macromodel, including the optical functions (n and k values) for
each layer, are retrieved from different unit cells of the nanoscale model.

The measurements of reflectance in the VIS-IR range were performed using a Perkin
Elmer Lambda 750 spectrophotometer. Figure 11 compares the measured and computed
reflectance for both composites. The curves shown in black colour represent measurements
performed at three different locations on composite I wafer, while the curves in red colour
correspond to three different locations on the composite II wafer. Both groups of curves are
closely aligned, with a reflectance difference of approximately 10% across the entire spectral
range. The variation between black and red group of curves is attributed to differences in
the TiN content within composites.

Figure 11. Reflectance properties of composites I and II: experimental measurements are represented
in black and red, while the predicted reflectance from macromodel simulations is depicted in green.

The black curves show a higher reflectance in the IR region. This is primarily due to
two factors: first, composite II contains more TiN and larger agglomerates compared to
composite I; second, composite I has a lower AlN content (and therefore a higher refractive
index, n) than composite II. The dotted green curve in the figure corresponds to predicted
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reflectance from the macromodel simulation for composite II, while the solid green curve
corresponds to predicted reflectance from the macromodel simulation for composite I.

The predicted reflectance curve in solid green matches the measured reflectance for
composite I because composite I is more homogeneous and exhibits smaller agglomer-
ates of the TiN NPs. In contrast, the red reflectance curves differ significantly from the
numerical model for composite II. This discrepancy arises because the numerical model
assumes a uniformly separated distribution of TiN nanoparticles within layer 2, which
was not achievable by the synthesis technique. Additionally, the nanoscale model assumes
smooth surfaces, whereas the actual composites have very rough surfaces. An important
observation is that the black curves exhibit a distinct filter characteristics at an infrared
limit of 1 μm.

5. Conclusions

In this study, we investigated two methods for retrieving (n) and (κ): one through
spectroscopic ellipsometry (SE) experimental measurements and the other via numerical
simulations. These approaches provided a clear framework for making structural mod-
ifications, if required. Initially, calculations based on XPS data offered rough estimates
for parameters such as (t1), (t2), (L), and (SR), which facilitated simplifying the complex
structure by dividing it into two distinct layers. Using the elemental composition data
from XPS measurements, we also estimated the volume fraction of each component in the
composite. These preliminary calculations were instrumental in developing models for
both experimental and numerical analysis.

We successfully created a model for measuring (n), (κ), (t1), (t2), and (SR) via SE
for the complex structure of the composite. Additionally, two unit cell models were
developed numerically to obtain the optical parameters. Comparative analysis revealed
that all samples of composites I and II were reproducible, with their optical parameter
values falling within close range of one another. Furthermore, the optical parameters
obtained experimentally and numerically for both composites showed a high degree of
agreement. However, minor discrepancies were observed, primarily due to differences in
the experimental and numerical setup of the models.
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Abstract: The thermochemical interactions of Sc2O3 ceramics with CMAS at 1250 ◦C
and 1300 ◦C were investigated in this paper. A continuously dense reaction layer (DRL)
forms on the surface of the ceramic at the beginning of the reaction within 15 min, and
temperature significantly affects the components of the DRL. The DRL is mainly composed
of a diopside phase at 1250 ◦C, whose thickness decreases with reaction time, while it is
composed of garnet and minor diopside phases at 1300 ◦C, and thickens in accordance
with the parabolic law with exposure time. The DRL shows good effect on alleviating
Mg2+ infiltration and some mitigating effect to Al3+, and relatively inferior resistance to
Ca2+ and Si4+ penetration. The concentration of Sc3+ in the residual CMAS increases with
reaction temperature and time, and the average contents are about 0.7 at% and 3.7 at% after
reactions at 1250 ◦C and 1300 ◦C, respectively. The mechanism is discussed systematically.

Keywords: Sc2O3; CMAS; thermochemical interaction; DRL; infiltration

1. Introduction

Thermal barrier coatings (TBCs) are widely applied to gas turbine engines, resulting
from the advantages of effectively insulating and protecting hot components during ser-
vice [1,2]. The 7–8 wt.% yttria-stabilized zirconia (YSZ) is one of the current commercial
TBC materials for excellent mechanical properties [3,4]. However, it is difficult for YSZ
to meet the operating temperature requirement with the development of the advanced
gas turbine engine. Particularly, the CMAS glass formed by environmental deposits such
as sand and dust in the air will melt, penetrate and damage the YSZ coating through
dissolution-precipitation within a very short period, leading to phase transition, stress
cracking and eventual failure of the TBC [5–7]. This significantly damages the service
performance and safety of the TBC. It is urgent to propose a new strategy or develop new
TBCs to be used against molten CMAS attack.

Extensive research has been conducted to reduce CMAS infiltration and corrosion,
including modification of the compositions and microstructures of the coatings [8,9], the
application of overlayered protective coatings [10,11] and the development of novel ceramic
coating materials [12,13]. It is reported that co-doping Sc2O3–Y2O3 or co-doping Yb2O3–
Y2O3 in ZrO2 exhibit superior phase stability and can significantly reduce CMAS corrosion
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and infiltration compared to YSZ [14,15]. The former is attributed to the low solubility of
Sc3+ as well as its weak affinity with Ca2+, while the latter is a result of the low diffusion rate
of Yb3+ in CMAS. The zirconates with a high concentration of RE2O3 (RE means the rare
earth elements), such as La2Zr2O7 [16,17], Gd2Zr2O7 [18,19] and Y2Zr2O7 [20], also show
exceptional CMAS infiltration owing to forming a dense reaction layer (DRL) composed of
an RE-apatite phase (Ca4RE6(SiO4)6O or Ca2RE8(SiO6)6O2) after the reaction of RE2Zr2O7

and CMAS. The modification in microstructures of the coatings also show meaningful
academic reference for the development of TBCs.

Overlayered protective coatings, such as Al2O3 [21,22], Y2O3 [23] and Pt [24,25], are
also feasible methods to mitigate the attack of CMAS at high temperature. The overlayer
can rapidly react with CMAS to form a continuous DRL composed of anorthite or an
RE-apatite phase, which can greatly inhibit the CMAS infiltration and corrosion for weak
wettability to the melt. Other materials such as RE-silicates [26,27], Ba2REAlO5 [28,29],
BaLn2Ti3O10 [30], LaMgAl11O19 [31,32], LnPO4 (Ln refers to the rare earth lanthanides) [33],
La2Ce2O7 [34], YAlO3 [35] and RE high-entropy ceramics [36,37] also can reduce the high-
temperature penetration and corrosion of CMAS by forming an RE-apatite or anorthite
DRL. In addition, the reaction of the coatings with CMAS leads to composition change and
crystallization of the melts, which further inhibits CMAS infiltration [21,23]. The RE-apatite
or anorthite DRL shows effective resistance to the molten CMAS attack, which is regarded
as a promising method to protect against the penetration and corrosion of CMAS.

According to the present reports, zirconate doped with rich RE2O3 remains a valuable
TBC material for its superior mechanical property and excellent resistance to infiltration
and corrosion of CMAS [13,20]. Particularly, the addition of Sc2O3 can obviously enhance
the phase stability and CMAS corrosion resistance of ZrO2-based materials. Wang [38,39]
reported that the co-doping 2 mol.% Sc2O3–16 mol.% CeO2 in ZrO2 shows better tetrag-
onal phase (t-phase) stability and resistance to infiltration and corrosion of CMAS com-
pared to YSZ, resulting from the low solubility of Sc3+ and chemical inertness of Ce2+

in CMAS. Fan [40] and Liao [41] revealed that co-doping Sc2O3–Y2O3 in ZrO2 exhibits
good CMAS infiltration and corrosion resistance owing to the low solubility of Sc3+, the
difference in chemical potential and the poor affinity of Sc3+ with Ca2+. Sc2O3-based
multi-R2O3 doping ZrO2 still is an effective design for the new TBC ceramics for excellent
comprehensive performance.

The addition of Sc2O3 is a feasible method for improving the resistance to melt corro-
sion of ZrO2-based TBCs due to the special properties of Sc3+. However, research on the
resistance of Sc2O3 to CMAS corrosion is relatively scarce, and its reaction products with
CMAS, its effect against CMAS corrosion as well as its mechanism of corrosion resistance
still need to be further investigated and improved. Therefore, it is of great significance to
explore the thermochemical reaction of Sc2O3 with CMAS for the formation kinetics of the
DRL and its inhibition on the infiltration of the melt. Aiming to reveal the thermochemical
interactions of the Sc2O3 ceramic with the melt, the reaction products and penetration
behavior of the CMAS at 1250 ◦C and 1300 ◦C are systematically investigated in this work.
The growing of the DRL and its effect on inhibiting the melt infiltration also are analyzed.
The interaction mechanism is discussed in detail.

2. Experimental Design

2.1. Ceramic Samples and CMAS Preparation

The Sc2O3 powders (99.9%, Aladdin reagents Co., Ltd., Shanghai, China) were
cold-pressed at 250 MPa for 10 min to prepare a disc with dimensions of around
ϕ15 mm × 2 mm. Then, the Sc2O3 discs were sintered in a furnace at 1600 ◦C for 5 h
to obtain a ceramic pellet. The chemical composition of glass CMAS in this work was
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33CaO-9MgO-13AlO1.5-45SiO2 [42] (mol.%). The CaO, Si2, Al2O3 and MgO powders (Al-
addin Reagents Ltd.) were slurry-mixed with appropriate molar ratios thoroughly in full
ethyl alcohol, through ball-milling for 6 h at 300 rph, followed by drying for 6 h, then
annealed at 1300 ◦C for 4 h to form a transparent glass block. After crushing, grinding and
200 mesh sieve filtering, glass CMAS powder was obtained.

The Sc2O3 ceramics were uniformly coated by CMAS, and the content was 20 mg/cm2.
Then, the samples were heat-treated at various temperatures (1250 ◦C and 1300 ◦C) for
15 min, 4 h, 8 h and 24 h, respectively. To further understand the thermochemical behaviors
and the reaction products between the Sc2O3 and CMAS, the mixture of the CMAS–Sc2O3

powders (1:1 wt.%) was heat-treated at 1250 ◦C and 1300 ◦C for different times (15 min
and 4 h). Here, a furnace (KSL-1700X, MTI, Richmond, CA, USA) was used for the thermal
reaction tests.

2.2. Characterizations

An X-ray diffractometer (XRD, Rigaku D/MAX2500V, Tokyo, Japan, Cu Kαradiation)
with a scan rate of 6◦/min was used to identify the phase constitution of the sample
after the high-temperature reaction. The cross-sectional morphology of Sc2O3 ceramics
sheets after reaction with CMAS was examined by a PhenomProx type integrated scanning
electron microscope (FESEM, SU8020, HITACHI, Tokyo, Japan), and energy dispersive
spectroscopy (EDS, OXFORD X-MAX 80, Birmingham, UK) was used to observe the
elements’ distribution. Simultaneously, the reaction behavior of Sc2O3 with CMAS powder
(1:1, wt.%) was carried out in air by differential scanning calorimetry (DSC, STA 449F3,
NETZSCH, Selb, Germany) from room temperature to 1450 ◦C at a rate of 10 ◦C/min to
further understand the thermochemical behaviors between Sc2O3 and CMAS.

3. Results and Discussion

3.1. Phase Analysis

The phase constituents of each set of the mixed powders of Sc2O3–CMAS (1:1 wt.%)
under high temperatures for different times are shown in Figure 1. According to Figure 1a,
the diopside (CaMgSi2O6, PDF#086-0932) and garnet (Ca3Sc2Si3O12, PDF#04-008-4631)
phases and minor Sc2Si2O7 (PDF#031-1225) phase are observed in the Sc2O3–CMAS mixed
powder after reaction for 15 min, and Sc2O3 (PDF#023-1402) is still detected after reaction
with CMAS at elevated temperature. The phases of the mixture after exposure for 4 h
is similar to that after reaction for 15 min (Figure 1b), showing that the reaction of the
Sc2O3–CMAS mixed powder is not drastic [43]. Note that the amount of the diopside
phase is more than that of the garnet according to the higher diffraction peaks of diopside
around 25–35◦. It is indicated that the reaction of the mixed powder mainly causes CMAS
crystallization when below 1300 ◦C. Furthermore, Sc-apatite could not be detected in
Figure 1, resulting from the low reactivity of Sc2O3 in the CMAS and the poor affinity
between the Ca2+ and Sc3+ [41,44]. The whole reactions are summarized as:

Sc2O3 + CMAS → Ca3Sc2Si3O12 + CaMgSi2O6 + Sc2Si2O7.

Figure 2 shows the reaction products of the reactions of the Sc2O3 ceramics with
CMAS for different times at 1250 ◦C and 1300 ◦C. The samples are of single Sc2O3 phase
before reaction (Figure 2a). According to Figure 2b, the products are the main diopside,
minor garnet and anorthite (CaAl2Si2O8, PDF#073-0264) phases on the surfaces of the
ceramics after interactions at 1250 ◦C, while they are the diopside and garnet at 1300 ◦C
(Figure 2c). Moreover, the reaction products of the ceramics with the melt are different
to those of mixed powder, which is attributed to the different thermochemical reaction.
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For the Sc2O3 ceramics, the anorthite phase is formed owing to the composition change to
the melts [44]. Additionally, it has been reported that Sc2Si2O7 will react with CMAS to
form Ca3Sc2Si3O12 [45]. The formation of the DRL and the reduction in the grain boundary
owing to the grain coarsening limit the diffusion of Sc3+, leading to a decrease in the
diffusion flux of Sc3+. Combined with the low solubility of the Sc3+ in CMAS [40,41],
the small amount of Sc2Si2O7 formed in CMAS subsequently disappeared by continuing
to react with CMAS to form garnet. It can be seen that the amount of diopside phase
decreases, when the garnet phase increases with higher temperature. This is related to
the gradual dissolution of the diopside phase [46]. Furthermore, Sc2O3 also exists after
reaction with CMAS. It is a result of the low reactivity of Sc3+ in CMAS [40]. The reactions
are summarized as:

Sc2O3 + CMAS → Ca3Sc2Si3O12 + CaMgSi2O6 + Sc2Si2O7 + CaAl2Si2O8.

Sc2Si2O7 + CMAS → Ca3Sc2Si3O12.

Figure 1. XRD patterns of mixed powders with Sc2O3–CMAS (1:1 wt.%) after reaction at 1250 ◦C and
1300 ◦C for (a) 15 min and (b) 4 h.

 

Figure 2. XRD patterns of the Sc2O3 ceramics after reaction with the melt for different times.
(a) Sc2O3 ceramic, (b) 1250 ◦C and (c) 1300 ◦C.
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3.2. Interactions of CMAS/Sc2O3

The SEM graphs of the Sc2O3 ceramics after reaction with the melt at 1250 ◦C are
presented in Figure 3 (the symbol “+” is used to highlight the zones, and the number is
the name for the zones). It is clear that a distinct continuous DRL forms at the boundary
of the Sc2O3 ceramic and CMAS. The DRL is mainly composed of the diopside phase
(corresponding to regions #4, 8, 12 and 15 in Figure 3 and Table 1). The rod-like or block-
like crystallization phases in CMAS mainly are diopside and a small amount of anorthite,
which vertically grow into the CMAS. The diopside phase shows coarsening during the
initial reaction stage, while it shows a short/small lumpy phase after long exposure. The
diopside phase undergoes dissolution during reaction [46]. It is worth noting that no
anorthite phase can be detected after reaction for 24 h, while it can be observed within 8 h
(Figure 3a–c), indicating that the diopside and anorthite show poor thermostability in the
molten CMAS.

 

Figure 3. SEM graphs of the Sc2O3 ceramics after reaction with the melt at 1250 ◦C for (a) 15 min,
(b) 4 h, (c) 8 h and (d) 24 h.

Table 1. Chemical compositions of the marked areas in Figure 3 (at%).

Zone # Ca Mg Al Si Sc Phase

1 33.4 3.1 16.5 46.7 0.3 CMAS
2 20.5 1.4 34.3 43.5 0.3 Anorthite
3 25.9 19.7 5.0 46.6 2.8 Diopside
4 25.8 19.6 6.4 43.9 4.3 Diopside
5 32.2 1.7 17.3 48.3 0.5 CMAS
6 19.6 1.4 33.5 45.2 0.3 Anorthite
7 25.2 18.3 6.0 45.4 5.1 Diopside
8 25.5 17.5 7.2 44.9 4.9 Diopside
9 32.0 1.7 18.2 47.5 0.6 CMAS
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Table 1. Cont.

Zone # Ca Mg Al Si Sc Phase

10 19.1 1.5 32.1 47.0 0.3 Anorthite
11 25.3 17.3 7.4 44.4 5.6 Diopside
12 25.6 17.7 7.1 44.1 5.5 Diopside
13 25.7 2.3 19.2 51.8 1.0 CMAS
14 24.2 19.7 5.3 46.6 4.2 Diopside
15 24.1 20.8 4.3 47.7 3.1 Diopside

The reaction of the Sc2O3 ceramic with CMAS results in the crystallization of residual
CMAS, resulting from the change in chemical composition [44]. According to Table 1, it can
be seen that Ca2+ is one of the key ions from the CMAS. The concentration of Ca2+ in CMAS
in region #1 (Figure 3a) is about 33.4 at% after reaction at 1250 ◦C for 15 min (Table 1), while
it is 32.2, 32.0 and 25.7 (at%) for residual CMAS after reaction for 4 h, 8 h and 24 h (regions
#5, 9 and 13 in Table 1), respectively. It decreases with reaction time, attributing to the
formation of diopside and garnet phases. Furthermore, the content of Sc3+ in the remaining
melt increases with time, resulting from the dissolution of the Sc2O3 ceramic when exposed
to the molten CMAS, and the average content of Sc3+ is about 0.7 at% (except for that after
15 min). The contents of Si4+, Mg2+ and Al3+ also vary with exposure time. The change in
composition leads to the crystallization of CMAS, which increases the melt viscosity and
mitigates the infiltration [23].

Figure 4 shows the elemental mappings of the Sc2O3 ceramics after reaction with the
melt at 1250 ◦C (the dotted lines refer to the thickness of the reaction layer). The DRL
exhibits an excellent effect on mitigating Mg2+ infiltration, and some blocking effect on Al3+

penetration within 8 h. However, the resistance to Ca2+ and Si4+ infiltration is relatively
poor compared to Mg2+ and Al3+. According to the Ca mapping, the infiltration depth of
Ca2+ increases with reaction time, resulting in forming a Ca-rich zone beneath the DRL.
The Ca2+ infiltration depths are 13.1 μm, 15.6 μm, 16.8 μm and 17.5 μm after reaction for
15 min, 4 h, 8 h and 24 h, respectively. As for the Al mapping, there is a localized enrichment
of Al, showing the formation of the anorthite phase [21]. It is noted that the Sc content
in CMAS is about 1.0 at% after 24 h (Table 1), suggesting that the amount of Sc3+ in the
residual CMAS is very low at 1250 ◦C [40].

 

Figure 4. Elemental mappings of Sc2O3 ceramics after reaction with the melt at 1250 ◦C for (a) 15 min,
(b) 4 h, (c) 8 h and (d) 24 h.
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Figure 5 shows the SEM graphs of the Sc2O3 ceramics reacting with CMAS at 1300 ◦C.
A DRL forms on the surface of the ceramic after 15 min reaction, which is mainly composed
of the garnet (Ca3Sc2Si3O12) and minor diopside phases according to the compositions of
regions #3, 6, 9 and 13 in Figure 5 and Table 2. The garnet phase in the DRL and diopside
phase in the residual CMAS increase and coarsen with prolonged exposure time [47]. No
anorthite phase can be detected, consistent with the result in Figure 2c. According to
Table 2, the concentration of Ca2+ in the melt as region #1 (Figure 5a) is about 30.2 at% after
15 min, and they are 30.1, 29.7 and 26.1 for the residual CMAS after reaction for 4 h, 8 h
and 24 h (regions #4, 7 and 10), respectively. It decreases with time, resulting from the
formation of more garnet and diopside phases. The content of Sc3+ in the remaining CMAS
increases with time. The average content of Sc3+ is about 3.7 at% (except for that after
15 min), which is higher than that at 1250 ◦C. It is attributed to a more outward diffusion of
Sc3+ from the substrate, as we know that the infiltration of the melt can greatly be improved
due to the lower viscosity at higher temperature [23]. The penetrated melt reacts with the
substrate Sc2O3 ceramic, resulting in generation and diffusion of Sc3+. This then leads to
a concentration increase in Sc3+ in the CMAS even despite the formation of the various
crystallization phases.

 

Figure 5. SEM graphs of the Sc2O3 ceramics after reaction with the melt at 1300 ◦C for (a) 15 min,
(b) 4 h, (c) 8 h and (d) 24 h.

The elemental mappings of the Sc2O3 ceramics after reaction with the melt at 1300 ◦C
are presented in Figure 6. The DRL shows a good effect on alleviating the Mg2+ infiltration
and some mitigating effect on Al3+. An infiltration zone with some Ca forms beneath the
DRL according to the Ca mapping. The penetration depth increases with reaction time,
whose depths are 13.6 μm, 15.0 μm, 28.9 μm and 68.5 μm after reaction for 15 min, 4 h, 8 h
and 24 h, respectively. The infiltration of Si is similar to that of Ca. More melt crystallization
for more diopside phases is detected in the CMAS from the elemental mapping of Mg. It
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is a result of the composition change of the melt such as the decrease in Ca as well as the
increase in Sc [21] (zones #1, 4, 7 and 10 in Table 2).

Table 2. Chemical compositions of the marked areas in Figure 5 (at%).

Zone # Ca Mg Al Si Sc Phase

1 30.2 3.3 15.7 48.2 2.6 CMAS
2 24.2 16.2 10.3 43.5 5.8 Diopside
3 34.4 1.5 2.2 38.1 23.8 Garnet
4 30.1 2.7 15.2 48.5 3.5 CMAS
5 24.3 16.2 10.6 42.8 6.1 Diopside
6 35.2 1.6 2.5 37.2 23.5 Garnet
7 29.7 3.6 15.0 48.1 3.6 CMAS
8 24.5 15.8 11.2 42.4 6.1 Diopside
9 34.7 1.8 2.6 37.4 23.5 Garnet

10 26.1 1.7 17.4 49.8 4.0 CMAS
11 23.8 10.2 13.2 38.9 13.9 Diopside
12 22.9 11.0 12.0 40.0 14.1 Diopside
13 31.0 4.0 4.9 38.1 22.0 Garnet

 

Figure 6. Elemental mappings of the Sc2O3 ceramics after reaction with the melt at 1300 ◦C for
(a) 15 min, (b) 4 h, (c) 8 h and (d) 24 h.

A DRL forms at the Sc2O3/CMAS interface after exposure to the molten CMAS for
15 min, and the changes of thickness of the DRL with reaction temperature and time are
shown in Figure 7a. The growing of the thickness follows the parabolic law, and the
corresponding equations are well fitted with y = Ax2 + Bx + C. It is obvious that the DRL
decreases with time at 1250 ◦C, resulting from the dissolution of the diopside phase, while
the DRL thickens with time at 1300 ◦C. This is a result of the lower viscosity of CMAS [23]
and the increasing concentration of the Sc3+ in the residual CMAS (Table 2) [48]. The
growing DRL becomes steady after reaction for 24 h, indicating that there is a dynamic
balancing state of thickening and dissolution for the DRL during exposure to the melt.
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Figure 7. The thicknesses (a) and the growing rates (b) of the DRLs with temperature and time.

Figure 7b exhibits the growing speeds of the DRLs at 1250 ◦C and 1300 ◦C. The
thickening rates of the DRL are about 25.6 and 7.20 μm/h for the Sc2O3 ceramics within
the first 15 min of the reaction at two temperatures (1250 ◦C, 1300 ◦C), respectively, and
the growing speeds are only around 0.15 and 0.22 μm/h after reaction for 24 h. It is
obvious that the growing speed of the DRL decreases with time at high temperature. As for
1250 ◦C, it is attributed to the dissolution of the diopside phase [46]. At 1300 ◦C, it is related
to the increase in DRL thickness and garnet grain coarsening, resulting in an increase in
the diffusion path and fewer diffusion channels. Furthermore, the growing rate of the
DRL at 1300 ◦C is slower compared to that at 1250 ◦C during the initial 8 h. It may be
related to the growing behavior of the DRL and thermochemical stability of the diopside
and garnet phases in the molten CMAS. While the growing speed of the DRL at 1300 ◦C
is relatively higher after more than 8 h, it may be due to the decreasing viscosity and the
severe infiltration of the melt.

3.3. Mechanism Analysis

To further understand the reactions of the Sc2O3 ceramic with the CMAS at high
temperature, the DSC tests were conducted on the CMAS and the mixed powders with
Sc2O3–CMAS (1:1 wt.%) during heating from room temperature to 1450 ◦C, and the cor-
responding patterns are exhibited in Figure 8. A small peak exists at around 800 ◦C,
representing the glass transition (GT) of CMAS [45]. Moreover, the CMAS begins to
melt at about 1207.6 ◦C, and the endothermic peak P1 of the CMAS curve is around
1229.5 ◦C, close to that in Ref. [49]. The peak P1 of the mixed powder is around 1225.3 ◦C,
indicating that Sc2O3 shows a small effect for the melting of CMAS. The reaction of Sc2O3

with CMAS causes peak P2, forming garnet, diopside and Sc2Si2O7 phases. The Sc2Si2O7

will react with CMAS to form Ca3Sc2Si3O12 [45], suggesting that Sc2Si2O7 is a transition
phase during thermochemical reactions. Peak P3 (1350.7 ◦C) indicates the melting of diop-
side [50]. Additionally, peak P4 may be related to the melting behavior of garnet. The
whole thermochemical reaction processes are summarized as:

GT: CMAS undergoes glass transition;
P1: Sc2O3 and CMAS powders melt;
P2:

Sc2O3 + CMAS → Ca3Sc2Si3O12 + CaMgSi2O6 + Sc2Si2O7.

Sc2Si2O7 + CMAS → Ca3Sc2Si3O12;

P3: The melting of CaMgSi2O6;
P4: The melting of Ca3Sc2Si3O12.
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Figure 8. DSC curves of (a) CMAS and (b) mixture of CMAS–Sc2O3 (1:1 wt.%).

Figure 9 illustrates the thermochemical reaction mechanisms of the Sc2O3 ceramic
and the CMAS at high temperature. At the beginning of the reaction at 1250 ◦C, the Sc2O3

ceramic reacts with the melt to form a DRL within the initial 15 min, and it is mainly the
diopside phase. Then, the anorthite phase precipitates in the residual CMAS owing to the
composition change in the CMAS (Figure 9b). The DRL becomes thin with reaction time,
attributed to the dissolution of the diopside [46], and the anorthite phase disappears after
24 h. As for 1300 ◦C, the DRL is composed of the dominating garnet and minor diopside
phases. The DRL thickens with reaction time, resulting from the good stability of the garnet
phase and the increasing Sc3+ infiltration from the substrate [48]. The DRL shows good
effect on inhibiting Mg2+ penetration and some blocking effect on Al3+, and relatively
inferior resistance to Ca2+ and Si4+ penetration.

 

Figure 9. Schematics of the thermochemical interactions of the CMAS and Sc2O3 ceramic at high
temperature (a) before interaction, (b) 1250 ◦C and (c) 1300 ◦C.

4. Conclusions

The thermochemical interactions of the Sc2O3 ceramic with CMAS at 1250 ◦C and
1300 ◦C were investigated in this work. Different reaction products and the CMAS crys-
tallization phases form at various temperatures, resulting in distinct phase components
for the dense reaction layer (DRL). The DRL is mainly composed of the diopside phase
(CaMgSi2O6) at 1250 ◦C, decreasing with reaction time, while it is of the dominant garnet
phase (Ca3Sc2Si3O12) at 1300 ◦C, increasing with exposure time. It is attributed to the
difference in stability between the garnet and diopside phases in the molten CMAS. The
thickening rate of the DRL decreases and following the parabolic law with duration time.
They are about 25.6 and 7.20 (μm/h) after reaction for the initial 15 min, and only 0.15
and 0.22 (μm/h) after 24 h reaction at 1250 ◦C and 1300 ◦C, respectively. The DRL shows
good effect on inhibiting Mg2+ and some blocking effect on Al3+ penetration, and relatively
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inferior resistance to Ca2+ and Si4+ infiltration. It is indicated that a DRL composed of
diopside and/or garnet phases is a potential strategy for protective coating against molten
CMAS attack.
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Abstract

The typical microstructure and mechanical properties of twin-roll cast (TRC) 2139 alu-
minum alloy were investigated and compared with mold casting (MC) 2139 alloy. This
work pioneers the application of TRC to produce 2139 Al-Cu-Mg alloy, a material that is
challenging for rapid solidification. The TRC process resulted in a denser dendritic struc-
ture, with the composition of intermetallic compounds, primarily Al2Cu and Al2CuMg,
remaining largely stable throughout the casting process. After solution treatment, the
recrystallized grains in the MC sheets were uniformly distributed, while the TRC sheets
exhibited a more localized and refined recrystallized microstructure, particularly within
coarse second-phase regions. Following heat treatments, the TRC sheets showed a signifi-
cant increase in the Ω phase after T6, with a slight growth in size and a uniform distribution,
while the Ω phase in T8 showed an increased density and smaller size, which diffused
evenly across the material. The TRC process uniquely refines the microstructure and en-
hances Ω phase precipitation, yielding a 10%+ improvement in strength and ductility over
conventional casting. The mechanical properties of the TRC sheets improved significantly:
tensile and yield strengths increased by over 10% after T6, compared to MC sheets, with
elongation slightly higher in TRC. T8 treatment further enhanced the mechanical properties
of the TRC sheets, achieving an improvement in strength with only a minor trade-off in
elongation. This establishes TRC as a superior industrial route for high-performance alu-
minum sheets, offering a promising industrial route, delivering substantial improvements
in both strength and ductility over conventional casting methods.

Keywords: 2139 Al-Cu-Mg alloy; twin-roll casting; mechanical properties

1. Introduction

Al-Cu-Mg alloy has advantages such as high temperature resistance, high specific
strength, creep resistance, oxidation resistance, and good processing performance. It is
expected to partially replace titanium alloys used in 300~400 ◦C heat-resistant aluminum
alloys [1,2]. In recent years, in order to further improve the high-temperature mechanical
properties of Al-Cu-Mg alloys, the microstructure and mechanical properties of the alloys

Crystals 2026, 16, 13 https://doi.org/10.3390/cryst16010013
195



Crystals 2026, 16, 13

have been altered by microalloying, compositing, and process improvement, and certain
research progress has been made [3–5]. Among these, 2139 aluminum alloy, a new high
Cu/Mg ratio alloy developed by Alcan, has good damage tolerance properties and still
exhibits high fracture toughness and creep resistance with low strength damage after
thermal exposure at 200 ◦C [6]. At the engineering application level, 2139 aluminum
alloy has been utilized in weight-reduction designs for armored vehicle structures and
aerospace components due to its balanced strength-toughness ratio and ballistic damage
resistance. Sabry demonstrated through the friction stir welding of TiB2/Al2O3-reinforced
Al6061-Al6082 alloys that ceramic particle reinforcement can simultaneously improve
both strength and tribological performance in dissimilar alloys, offering valuable insights
for strengthening strategies applicable to 2139 alloy in high-performance aerospace and
armored vehicle applications [7]. Third-generation Al-Cu-Li alloys, enhanced by the T1
(Al2CuLi) phase and featuring high specific stiffness, are employed in critical components
such as wing skins, wall panels, and stiffeners. This achieves 5–15% structural weight
reduction while improving fatigue and damage tolerance [8,9].

Twin-roll casting (TRC) is a short-flow, low-cost molding method, which ensures uni-
form composition and structure refinement and greatly improves the mechanical properties
of the strips compared to the traditional preparation process [10,11]. TRC is a combina-
tion of casting and rolling to produce strips by pouring the molten metal directly onto
water-cooled rolls [12,13].

The process involves rapid solidification through casting rolls, achieving cooling rates
2–3 orders of magnitude higher than conventional direct-chill casting. This high cooling
rate, combined with enhanced solid solubility, promotes the formation of a supersaturated
solid solution, which is crucial for subsequent precipitation strengthening. Li Shiju et al.
successfully produced AA2099 aluminum-lithium alloy plates using a TRC experimental
platform and optimized the corresponding process parameters. Similarly, Sabry demon-
strated through friction stir welding of SiCp-reinforced AZ31C magnesium alloy that
advanced solid-state forming processes can achieve grain refinement and uniform distri-
bution of reinforcement phases via parameter optimization [14], significantly improving
mechanical properties—providing a valuable reference for microstructural regulation of
2139 alloy via the TRC process [15]. Compared with traditional casting, TRC also refines
eutectic phases and introduces a high density of dislocations into the alloy matrix.

Although TRC has the advantages of a simple production process, short production
cycle, high yield, and high production efficiency, it mainly produces some low-alloy alu-
minum alloys with a narrow crystallization temperature range in the 1xxx series, 3xxx
series, and 8xxx series [16]. For alloys with a wide liquid-solid zone, it is difficult to form
sheets in a rapidly solidifying environment, requiring lower casting and rolling speeds
and increased cooling intensity [17]. In this study, 2139 aluminum alloy sheets with wide
solidification intervals were successfully produced by a TRC process for the first time. In
order to investigate the structure and properties of the TRC samples, conventional sheets
were also produced by an MC process, and the effects of the rolling heat treatment process
on the structure and mechanical properties of the two sheets were discussed. In addition,
the mechanical properties of the TRC sheets in the T8 state were also explored. Therefore,
this study aims to compare 2139 alloy sheets produced via the TRC and MC processes,
focusing on exploring the feasibility of the TRC process for industrial applications in high-
performance aluminum alloy sheets. The research outcomes are expected to provide a
theoretical basis and technical guidance for the industrial production of 2139 alloy sheets
using the TRC process.
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2. Materials and Methods

The chemical composition of the 2139 aluminum alloy used in this study is shown in
Table 1, and the raw materials produced by the alloy include industrially pure Al ingot
(99.9%), Al-50% Cu, pure Mg ingot (99.9%), Al-10% Mn, pure silver grains (99.9%), and
pure Zn ingot (99.9%) intermediate alloys.

Table 1. Chemical composition of 2139 alloy (wt%).

Cu Mg Mn Ag Zn Fe Si Al

0.5 0.5 0.4 0.4 0.25 <0.01 <0.01 Balance

A schematic diagram of the TRC process is shown in Figure 1. In the melting process,
pure aluminum ingots were first placed in TiO2-coated stainless steel crucibles and heated
to 750 ◦C, and then Al-50%Cu and Al-10%Mn intermediate alloys were added. The melt
is held at 720 ◦C for 1 h to ensure that the intermediate alloy is fully dissolved, and
then pure magnesium ingots, zinc ingots, and silver grains are carefully pressed into
the melt in sequence, followed by degassing and slag removal. Once the alloy was fully
melted and held for 30 min, the casting and rolling machine was activated. Research
by Sabry on friction stir welding of dissimilar AA2024 and A356-T6 alloys indicates that
process parameters significantly affect mechanical properties by regulating temperature
distribution and recrystallization behavior in the weld zone. Based on this insight, the TRC
rolling speed in this study was controlled at 0.9 m/min to balance cooling efficiency and
microstructural uniformity [18]. When the melt temperature was steadily lowered to 690
◦C, the melt was poured into the flow channels and nozzles made of heat-resistant material
of MgO, which then flowed into the roll seams. The width of the nozzle was 200 mm, and
6 mm thick sheets were produced.

Figure 1. Schematic diagram of TRC process.

A cutting of 10 mm × 8 mm × 6 mm was taken as a specimen, which was then ground
and polished in different states for microstructure observation. An OLYMPUSBX53M
optical microscope (OM) (OLYMPUS, Tokyo, Japan) and a scanning electron microscope
SSX-550 (SEM) equipped with an X-ray spectrometer (Shimadzu, Kyoto, Japan) were
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used to observe the microstructure, and electron back-scattering diffraction (EBSD) using
a Zeiss Ultra-55 SEM (Carl Zeiss AG, Oberkochen, Germany) was used to analyze the
grain distribution of the samples. The EBSD samples were prepared using electrolytic
polishing, and the electrolytic polishing solution. The electrolytic polishing solution was a
10% perchloric acid alcohol solution (v/v), the voltage was 25 V, the time was 30 s, and the
EBSD scanning step was 0.6 μm. In analyzing the EBSD results, orientation error angles of
2–15◦ and greater than 15◦ were defined as low- and high-angle boundaries, respectively.
Orientation error angles smaller than 2◦ were eliminated to avoid errors arising from the
sample surface and experimental polishing.

The cast slabs were homogenized at 510 ◦C for 24 h, then heated to 460 ◦C for 1 h. The
slabs, initially 8 mm thick, were hot-rolled to 2.0 mm, with a 75% deformation. Since the
recrystallization temperature for 2xxx aluminum alloys is typically 400–450 ◦C, 440 ◦C was
selected to promote recovery and controlled recrystallization, relieving residual stresses
and preventing excessive grain growth [19]. After heating to 440 ◦C for 1 h, the slabs were
air-cooled and cold-rolled to 1.5 mm with 25% deformation.

After cold rolling, the samples were solution-treated at 510 ◦C for 0.5 h, quenched,
and aged at 160 ◦C for 12 h (T6 state), as shown in Figure 2a. To investigate the effect of
different heat treatments, a 5% pre-stretch deformation was applied before aging, followed
by homogenizing heat treatment at 160 ◦C for 12 h to achieve the T8 state (Figure 2b).

Figure 2. Heat treatment process diagram (single-stage aging): (a) MC/TRC sample T6; (b) TRC
sample T8.

Tensile experiments were carried out on samples in different states, and the dimensions
of the specimen are shown in Figure 3. The normal temperature tensile experiments were
carried out using a 100 kN tensile machine, model INSTRON-4206 (Instron, Norwood,
United States). The tensile rate of 1 mm/min was adopted in accordance with ASTM
E8/E8M standard [20] for metallic materials, ensuring consistent strain rate conditions
for accurate comparison of mechanical properties. Additionally, three standard tensile
specimens were taken from each group, and the average value of each group was used as
the final result. The same shape and size of the tensile specimens at high temperature were
also used; the tensile temperature was set by the supporting high temperature furnace,
the hydraulic pressure was set at 300 MPa, the tensile strain rate was 2 × 10−4 s−1, the
same tensile rate as that of the normal temperature tensile experiments was used, and the
values of the tensile strength were read directly from the tensile machine, while the values
of the yield strength were obtained by the load-displacement curves recorded by the tensile
machine through the reference standard-displacement curve.
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Figure 3. Size specification of tensile specimen.

3. Results and Discussion

3.1. As-Cast Microstructures

The as-cast microstructure of the experimental alloy produced by different processes
is shown in Figure 4. It can be seen that there are reticulated intermetallic compounds in
the structure of aluminum alloys cast in conventional molds, as well as a small number
of porosity and microcrack defects (Figure 4a). The intermetallic compounds in the mi-
crostructure of the aluminum alloy produced by the TRC process show obvious bands,
which generally run through the whole thickness direction, and the density and width grad-
ually decrease from the surface to the center, and basically no pores and micro-cracks are
observed. According to the analysis, the melt is easy to be sucked in during MC, resulting
in volume shrinkage and defects, such as pores and microcracks. The TRC is a process that
integrates continuous casting and rolling deformation. During the solidification process,
the cast-rolled plate is always tightly rolled and subjected to the rolling force to compensate
for the shrinkage and porosity generated during the casting process, thereby obtaining a
dense plate without pores. Therefore, the plate prepared by the TRC process has a denser
dendrite structure.

 

Figure 4. Microstructure of 2139 aluminum alloy prepared under different process conditions: (a) MC;
(b) TRC.

The intermetallic compounds in the sheets produced by different processes are shown
in Figure 5. It can be seen that the microstructure of the sheets produced by the MC process
consists of an aluminum matrix and a large number of intermetallic compounds distributed
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along the boundary of the dendrite walls (Figure 5a). The grains of the sheets produced
by the TRC process have obvious rolling microstructure characteristics, accompanied by a
certain inclination angle (Figure 5b).

Figure 5c,d show the detailed information of intermetallic compounds in the plates
produced by the two casting processes, respectively. There are two different intermetallic
compounds at the dendrite interface. The dark region indicated by the green ellipse in
Figure 5c is a pit left by the detachment of an Al2CuMg (S-phase) particle during sample
preparation, not the phase itself. In contrast, the bright intermetallic compound circled in
the yellow ellipse is the Al2Cu phase. This distinction is definitively established by the EDS
point analysis presented in (Figure 5e,f). The key evidence is the presence of magnesium
in the EDS spectra corresponding to the S-phase regions and its absence in the spectra
from the Al2Cu particles. The measured atomic percentages of Cu and Mg in the S-phase
correspond to the Al2CuMg stoichiometry, whereas the high Cu content and lack of Mg in
the bright particles are characteristic of the Al2Cu phase. These phases are continuously
distributed on the dendrite boundaries and grain boundaries, which severely impairs the
strength and toughness of the alloy. Therefore, these intermetallic compounds at dendrite
boundaries and grain boundaries need to be dissolved into the matrix by homogenizing
heat treatment to achieve a uniform distribution of the elements.

 

Figure 5. Microscopic morphology of 2139 aluminum alloy produced by different processes: (a,c) MC;
(b,d) TRC-surface layer; (e) the EDS image of MC; (f) the EDS image of TRC.
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3.2. Microstructures After Homogenization

The structure and morphology of the sheet after holding at 510 ◦C for 24h are shown
in Figure 6. It can be seen that most of the intermetallic compounds undergo dissolution
after the homogenization heat treatment, and the reticulated dendritic structure disappears
(Figure 6a,b). Compared to the MC samples, the changes in the 1/4 layer of the TRC
samples are more significant due to the lower content of eutectic phases (Figure 6c,e).

Since the content of intermetallic compounds under the TRC process varies from the
surface layer to the center layer, the surface, 1/4, and middle layers were partially enlarged
(Figure 6d–f). It can be seen that the intracrystalline precipitated phases of the samples
in MC after homogenization heat treatment are basically dissolved back, and very few
precipitated phases that are not dissolved back remain on the grain boundaries. However,
there is a small amount of fragmented intermetallic compounds, a large number of coarse
banded intermetallic compounds and intermediate bulk intermetallic compounds, and a
large number of insoluble phases (S-Al2CuMg and Fe-rich phases) at the grain boundaries
of the TRC process aluminum alloy after homogenization heat treatment, which prolongs
the dissolution time of the crystal phase. The presence of a small amount of fragmented
intermetallic compounds is attributed to localized strain concentration during the TRC,
which promotes fragmentation but insufficiently dissolves these phases due to their initial
coarse size and low solubility. In general, the dissolution of intermetallic compounds in
the TRC samples after homogenization was not as good as that of MC, which is due to the
initial large-sized intermetallic particles in the as-cast condition of the TRC sample.

 

Figure 6. The microstructures of 2139 alloy after homogenization: (a,c) MC; (b) TRC; (d) TRC-surface
layer; (e) TRC-1/4 layer; (f) TRC-central layer.
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The content and distribution of residual crystalline phases of the sheets produced by
different processes after homogenization heat treatment are shown in Figure 7. It can be
seen that under the same homogenization state, the different preparation processes resulted
in certain differences in the type, content, and distribution of residual crystalline phases.

Typically, homogenizing heat treatment can effectively dissolve the eutectic struc-
ture, improve the micro-element distribution of the alloy, reduce the content of residual
crystalline phases, and the residual crystalline phases become finer and more discretely
distributed. This is because homogenization heat treatment can promote the diffusion of
solute atoms from the eutectic phase into the aluminum matrix, thereby reducing compo-
sitional heterogeneity and facilitating the dissolution of intermetallic compounds, which
is supported by classical diffusion theory and previous studies [21]. However, due to the
TRC process characteristics that bring about coarse banded intergranular intermetallic
compounds and central massive intermetallic compounds, which prolong the dissolution
time of the crystalline phase, and even through a longer period of homogenizing heat
treatment, a small amount of fragmented intermetallic compounds were still left behind
which were difficult to be completely dissolved, so there were a large number of insoluble
S-Al2CuMg and Fe-rich phases existed in the cast and rolled samples (Figure 7b,c).

The residual crystalline phases in the TRC samples are mainly distributed in the
original banded intergranular intermetallic compounds and the intermediate layer of
massive intermetallic compounds, and the distribution is relatively concentrated. Table 2
and Figure 7d,e demonstrate the EDS spectroscopy analysis and scanning results of the
2139 alloy after homogenization, with the complex residual second phase dominated by
the elements Al, Cu, Si, Fe, and Mn. The solubility of Mn and Fe in the aluminum matrix
is much lower than that of Cu, so it is easier to precipitate from the melt to form second-
phase particles rich in Mn and Fe phases. As solidification proceeds, the melt temperature
gradually decreases, and Cu atoms are gradually deposited on these cores, eventually
forming the AlCuFe and AlCuFeMn phases. These Mn- and Fe-rich phases usually have a
high melting point and can only be dissolved at very high temperatures, making it difficult
to eliminate them completely by homogenization.

 

Figure 7. SEM image and EDS spectroscopy analysis and scanning results of tissue elements of
2139 alloy after homogenization: (a) MC; (b,c) TRC; (d,e) morphology and element distribution
diagram of the insoluble second phase.
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Table 2. EDS spectroscopy analysis of residual phase in homogenized 2139 alloy.

Spectrogram
Atomic Percentage/%

Mg Al Si Mn Fe Cu Ag

MC-A 1.01 91.77 4.10 0.20 0.07 2.72 0.13
MC-B 0.14 70.86 0.00 1.82 7.06 20.08 0.03
MC-C 0.27 77.35 0.16 0.02 0.01 22.18 0.00

TRC-D 0.83 51.55 35.20 0.46 0.91 10.87 0.18
TRC-E 0.84 57.28 36.92 0.51 0.47 3.88 0.10
TRC-F 0.38 68.08 0.22 0.46 0.54 30.32 0.00
TRC-G 0.55 76.21 0.22 0.15 0.13 22.68 0.07

3.3. Microstructure After Rolling and Solution Treatment

The microstructure of MC and TRC samples after hot rolling, cold rolling, and solution
treatment is shown in Figure 8. After cold rolling, and the second phase is aligned along
the rolling direction after cold rolling, forming a second phase containing a large number
of stripes. Some of the larger-sized phases were significantly broken, while some of the
insoluble and incompletely dissolved phases showed relatively good ductility and were
distributed in the rolling direction. With the partial dissolution of residual crystalline phases
by the homogenization heat treatment process, the distribution of residual crystalline
phases after cold rolling is more dispersed, and the aggregation region of coarse crystalline
phases is significantly reduced.

After a short period of solid solution treatment, most of the precipitated second phases
in both MC and TRC samples have been dissolved into the α(Al) matrix; only a small
amount of coarse undissolved phase exists. The shape and size are only slightly reduced,
but the distribution state of the cold-rolled state is basically maintained. The results of point
scanning at different positions are shown in Table 3. It can be seen from the Cu content that
after solution treatment, the Al2Cu phase in the crystal is re-dissolved into the Al matrix,
and the distribution of the residual crystalline phase does not change significantly. The
slight reduction in the shape and size of the second phase particles after solution treatment
is due to their high thermal stability and the short duration of the treatment, which limits
Ostwald ripening and coalescence [22].

Figure 8. Evolution of crystalline phase of 2139 alloy during cold rolling and solution treatment:
(a,b) cold-rolled state of MC; (c,d) cold-rolled state of TRC; (e,f) solid solution state of MC; (g,h) solid
solution state of TRC.
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Table 3. EDS spectroscopy analysis of crystalline phase of 2139 alloy during cold rolling and solution
treatment.

Spectrogram
Atomic Percentage/%

Mg Al Si Mn Fe Cu Ag

MC-A 0.15 71.96 0.09 1.80 6.81 19.14 0.05
MC-B 0.21 73.14 0.06 2.07 6.16 18.31 0.05
MC-C 0.59 89.33 0.74 0.64 0.54 7.97 0.18

TRC-D 0.53 73.61 0.03 0.32 0.19 25.14 0.19
TRC-E 0.38 89.44 0.26 1.07 1.67 7.01 0.18
TRC-F 0.33 82.85 0.44 1.61 4.50 10.25 0.02
TRC-G 0.60 91.26 0.78 1.21 1.77 4.25 0.13
TRC-H 0.34 78.81 0.03 0.11 0.10 20.49 0.11

Figure 9a,b shows that the grain size of the MC sample is 9.52 μm, and the grain
size of the TRC sample is 9.33 μm, which is significantly reduced compared to the as-cast
state. EBSD samples were mechanically ground and polished in accordance with standard
metallographic preparation procedures ASTM E3 [23] and ISO 9042 [24], followed by
appropriate surface finishing for electron backscatter diffraction analysis, ensuring reliable
grain size and recrystallization characterization. Compared with the core of the cast-
rolled sheet, the surface grain of the cast-rolled sheet is finer, showing the characteristics
of gradient distribution. In the cold rolling process, similar to the casting and rolling
process, the surface grain is subjected to greater casting and rolling force, greater plastic
deformation occurs, and the accumulation of more distortion energy. According to the
PSN effect, a large number of second-phase particles (such as residual crystalline phase) on
the surface promotes the recrystallization nucleation mechanism of PSN and reduces the
grain size. Therefore, in addition to the grain size distribution characteristics of the genetic
cold-rolled TRC sample, the gradient distribution of grain size is also affected by the degree
of strain and the gradient of element distribution. Due to the initial accumulation of strain
energy during the TRC process, the recrystallization phenomenon with large deformation
is more concentrated.

In addition, fewer low-angle and medium-angle misorientation grain boundaries can
be found in both MC and TRC samples, indicating that a large number of substructures are
reorganized during the solid solution process. The large angle misorientation is sparsely
distributed inside the grains and is higher near the grain boundaries (Figure 9c,d). The
larger the KAM value in the diagram indicates the higher the strain degree. The unidentified
white part is mainly the distribution area of the residual crystalline phase. Compared with
other deformation areas, the strain is concentrated in all areas where the distribution of the
residual crystalline phase is concentrated. The strain concentration in regions with residual
crystalline phases is attributed to the mismatch in deformation behavior between the brittle
intermetallic particles and the ductile aluminum matrix, leading to stress localization and
inhibited recrystallization in these areas [25].
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Figure 9. Observation of the solid solution microstructure and EBSD of 2139 alloy. (a) Grain structure
dis-tribution of MC; (b) grain structure distribution of TRC; (c) KAM diagram of MC; (d) KAM
dia-gram of TRC.

3.4. Mechanical Properties of the Sheets After Aging Heat Treatment

Normal temperature tensile experiments were conducted on the sheets after aging
heat treatment, and the results are shown in Figure 10. It can be seen that at the beginning
of the tensile experiment, the stress increases sharply until the peak stress is reached. After
that, the stress decreases slowly until it breaks at the end of the tensile experiment. The
yield strength, tensile strength, and elongation of the MC sample are 309.2 MPa, 390.0 MPa,
and 11.4% after T6 (single-stage aging) treatment, respectively. The yield strength and
tensile strength of the TRC sample were 354.2 MPa and 430.4 MPa, which were 10.3%
higher than those of the MC sample, and the elongation of the TRC sample (12.6%) was
10.5% greater than that of the MC sample (11.4%). The tensile strength, yield strength,
and elongation of the TRC specimens were increased to 385.7 MPa, 464.9 MPa, and 11.0%,
respectively, after the T8 (single-stage aging) treatment. Compared with T6 (single-stage
aging), the tensile strength of the alloy increased by 76.5 MPa and the yield strength by
74.9 MPa. Compared with the T6 heat treatment process, the T8 heat treatment process,
which introduces 5% pre-stretch deformation before single-stage aging at 160 ◦C/12 h,
substantially improves the strength of 2139 aluminum alloy sheet without losing too much
plasticity, and enables the alloy sheet to reach a more optimal state.

The tensile fracture morphology of 2139 aluminum alloy prepared under different
process conditions in different heat treatment states is given in Figure 11. The tensile
fracture morphology of 2139 aluminum alloy produced by the MC process after T6 (single-
stage aging) treatment has fewer dimples and a diffuse distribution, which is a mixed mode
of ductile fracture and brittle fracture (Figure 11a,b). The tensile fracture morphology of the
2139 aluminum alloy produced by the TRC process after T6 (single-stage aging) treatment,
compared with the MC process, the number of dimples increases significantly, but the size of
the dimples is different, the size is uneven, the amount is large, and the fractures are mainly
ductile fractures (Figure 11c,d). The significant increase in dimple number in TRC-T6
samples compared to MC is attributed to the finer and more uniformly distributed Ω phases
and the higher dislocation density, which promote homogeneous plastic deformation and
micro-void coalescence. Judging from the detailed fracture morphology diagram, the TRC
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samples underwent a large plastic deformation before fracture, and the alloy was highly
plasticized. The tensile fracture morphology of 2139 aluminum alloy produced by the TRC
process after T8 aging treatment, where larger areas of tear edges and delamination are
observed, and the alloy has the worst plasticity (Figure 11e,f).

Figure 10. Tensile curves of 2139 alloy under different aging heat treatment states.

In order to investigate the high-temperature mechanical properties of TRC sheets,
tensile experiments at different temperatures were carried out on specimens in T6 and T8
states, and the results are shown in Figure 12. It can be seen that the strength of the alloy
decreases as the temperature increases. At 200 ◦C, the strength in the T6 state reaches 74%
of the normal temperature strength, also 74% in the T8 state, and this reduction is further
accelerated when the temperature exceeds 200 ◦C. At 300 ◦C, the strength reaches 42% and
40% of that at normal temperature, corresponding to the T6 and T8 states, respectively. In
the T8 state, the high-temperature tensile and yield strengths of the alloy are higher than
in the T6 state, but the elongation is lower. Therefore, 2139 aluminum alloy shows good
performance at high temperatures of about 200 ◦C.

The fracture morphology of tensile specimens of 2139 alloy in the T6 state at 25 ◦C,
100 ◦C, 200 ◦C, and 300 ◦C is shown in Figure 13. It can be found that the normal temper-
ature fracture of 2139-T6 alloy shows a mixed fracture with a relatively flat cross-section
(Figure 13a). Despite the presence of a small number of dimples, brittle fracture predomi-
nates, which is consistent with the results of the mechanical property test. As the tensile
temperature increases to 100 ◦C, the tensile fracture morphology of the 2139 aluminum
alloy T6 state shows a significant increase in the number of dimples and an increase in the
area of the dimples compared to normal temperature tensile (Figure 13b). As the tempera-
ture reaches 200 ◦C, the dimples become deeper at this time, and the area of ductile fracture
increases significantly, which signifies that ductile fracture is dominant (Figure 13c). As the
tensile temperature was further increased, the number of dimples decreased significantly,
but the size of the fracture dimples increased significantly to become deeper. At 300 ◦C,
the high-temperature fracture morphology of the T6 state of 2139 aluminum alloy shows a
typical dimple-type through-crystal fracture, which is consistent with the high-temperature
mechanical properties of the alloy (Figure 13d).
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Figure 11. Tensile fracture morphology of 2139 alloy under different heat treatment states: (a,b) T6
(single-stage aging) of MC sample; (c,d) T6 (single-stage aging) of TRC sample; (e,f) T8 (single-stage
aging) of TRC sample.

Figure 12. High-temperature mechanical properties of 2139 alloy under T6 and T8 states.
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Figure 13. High-temperature tensile fracture morphology of T6 state alloy: (a) normal temperature;
(b) 100 ◦C; (c) 200 ◦C; (d) 300 ◦C.

The high-temperature tensile fracture morphology of 2139 aluminum alloy T8 state
at different temperatures is shown in Figure 14. Compared to the T6 state, the area of the
fracture region increases at normal temperature, showing a mixed type of fracture. This
may be attributed to the large number of dislocations introduced in the pre-deformation
treatment, leading to the deformation strengthening effect (Figure 14a). The tensile fracture
morphology of the T8 state of 2139 aluminum alloy at 100 ◦C, compared with the situation
at normal temperature, the size of the dimple is smaller, the distribution of the dimple
is more uniform, and the ductile fracture area is larger (Figure 14b). With the increase in
tensile temperature, the dimples in the tensile fracture morphology of 2139-T8 alloy become
deeper and larger, and the area of ductile fracture expands (Figure 14c). When the tensile
temperature reaches 300 ◦C, the morphology of the high-temperature tensile fracture of
2139 aluminum alloy presents a dimple-type penetrating fracture, which is consistent with
the change trend of high-temperature tensile mechanical properties (Figure 14d).

The evolution of the high-temperature fracture morphology is directly governed by
thermally activated diffusion and dynamic recovery mechanisms. As the temperature
rises beyond 200 ◦C, the enhanced atomic diffusion promotes coarsening of the Ω phase,
reducing its pinning effectiveness, while simultaneously accelerating dislocation climb
and rearrangement through dynamic recovery. These combined processes lead to overall
material softening and an increase in uniform plastic deformation capability, which is
clearly reflected in the fracture surfaces as enlarged dimple size, greater dimple depth, and
expanded dimple area, as shown in Figures 13 and 14. The accelerated decline in strength
observed above 200 ◦C corresponds to the growing dominance of dynamic recovery in the
high-temperature softening behavior.

The T8 condition, with its higher dislocation density resulting from pre-deformation,
retains greater strength at elevated temperatures due to its increased stored dislocation
energy. However, this same high dislocation density also accelerates diffusion-assisted
dislocation annihilation, leading to a more noticeable reduction in high-temperature duc-
tility compared to the T6 condition. This mechanistic difference explains why localized
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tearing features appear earlier in the fracture morphology of T8 samples, as evidenced in
Figure 11e,f.

 

Figure 14. High-temperature tensile fracture morphology of T8 state alloy: (a) normal temperature;
(b) 100 ◦C; (c) 200 ◦C; (d) 300 ◦C.

3.5. Analysis of Precipitated Phases After Aging Heat Treatment

Using transmission electron microscopy (TEM) technology, the distribution of precipi-
tated phases in two alloys prepared by different processes was characterized in both T6
and T8 conditions. Figure 15a,b show the TEM images of 2139 aluminum alloy produced
by MC and TRC under two different process conditions after aging treatment, and the
<110>Al direction is the direction of electron incidence. After aging at 160 ◦ C for 12 h and
T6 treatment, a small amount of needle-like Ω (Al2Cu) phases with a large diameter and
a length of about 20–80 nm can be observed in the MC sample, and the size distribution
is not uniform, accompanied by a certain degree of coarsening (Figure 15a). Compared
with the MC sample, the TRC sample was aged at 160 ◦C for 12 h and then subjected to T6
treatment. The number of Ω phases in the alloy increased significantly, the size increased
slightly, the size distribution was relatively uniform, and the coarsening phenomenon was
very rare (Figure 15b). The main reason is that the solid solubility in the TRC samples is
high, and the phase transition driving force of the precipitated second phase in the aging
process is large, which can reduce the critical nucleus size of the precipitated phase and
increase the nucleation rate, thus increasing the number of precipitated phases. Therefore,
after the same heat treatment, there are more and finer Ω phases precipitated in the TRC
sheets, which improves the aging strengthening effect, and the strength of the TRC sheets
is also improved. The microstructural distinction is governed by synergistic kinetic and
thermodynamic factors. The high dislocation density in TRC samples provides potent
heterogeneous nucleation sites for the Ω phase, lowering the energy barrier for its pre-
cipitation and refining its distribution. Meanwhile, the rapid solidification during TRC
yields a highly supersaturated solid solution, which enhances the thermodynamic driv-
ing force for Ω-phase nucleation and simultaneously suppresses the formation of coarse
equilibrium phases like Al2Cu. This multi-mechanism enhancement parallels the approach
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reported by Scary et al., where 5wt% SiCp reinforcement was found to optimally improve
strength, ductility, and corrosion resistance in aluminum composites through a synergistic
combination of Orowan strengthening, grain refinement, and intermetallic distribution
optimization [26].

Moreover, a certain amount of dislocations and dislocation tangles can be found inside
the grains in the TRC samples, which is due to the deformation storage effect of the TRC
process itself.

After pre-stretching the TRC sample with a deformation of 5% and then T8 treatment
at 160 ◦C for 12 h, a large number of dislocations and dislocation tangles appeared in the
alloy. The Ω phases in the alloy became fine, and the density increased significantly, and
the number reached a maximum. A large area of uniform, fine, and dispersed Ω phases
appeared, and then the long diameter of Ω phases became shorter, and the length further
narrowed, which was about 15–50 nm (Figure 15c). The pre-stretching deformation in
the T8 treatment further multiplied dislocations and created dislocation tangles. These
defects served as additional nucleation sites and accelerated solute atom diffusion via
pipe diffusion mechanisms. This synergistic effect of enhanced nucleation and accelerated
diffusion led to the observed ultra-fine and densely distributed Ω phases in the T8 state,
contributing to the peak strength achieved.

In the Al–Cu–Mg alloy system, previous studies have shown that Mg promotes
Ω-phase precipitation, while Ag further modifies its precipitation kinetics by assisting
GP-zone formation and solute clustering [21,27]. The Ω-phase behavior observed in the
TRC-processed 2139 alloy in this work—namely its higher number density and finer,
more uniform distribution in the T6 and T8 states—was consistent with these reported
Mg/Ag-assisted precipitation mechanisms.

 

Figure 15. Microstructure of the Ω phase in MC and TRC samples after aging heat treatment: (a) T6
(single-stage aging) of MC sample; (b) T6 (single-stage aging) of TRC sample; (c) T8 (single-stage
aging) of TRC sample.

4. Conclusions

This study investigates the use of the twin-roll casting (TRC) process for producing
2139 aluminum alloy sheets and compares the resulting microstructure and mechanical
properties to those produced by the mold casting (MC) process. The main findings are
as follows:

(1) The TRC process produces a microstructure where the intermetallic compounds,
particularly Al2Cu and Al2CuMg phases, are more concentrated in the center and
decrease in density and width from the surface inward. This leads to improved phase
distribution and suggests that TRC enhances material homogeneity compared to MC.
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(2) After rolling and solid solution treatment, the residual crystalline phases (mainly
undissolved intermetallic compounds) in the MC samples were evenly distributed,
while the TRC samples showed localized recrystallization, particularly within second-
phase and shear zones. This localized recrystallized-grain formation contributed to
improved strength and ductility, indicating that TRC allowed for more controlled
microstructural evolution.

(3) Mechanical testing revealed that the TRC samples in the T6 state show a 10.3% higher
yield strength and 10.5% higher tensile strength compared to the MC samples, with
an elongation of 12.6%, which was 10.5% higher than that of the MC samples. These
improvements in strength and elongation demonstrated the effectiveness of TRC in
enhancing the alloy’s mechanical properties, especially at normal temperatures.

(4) The TRC-T6 sheets exhibited a significant increase in the number of Ω phases, with a
more uniform distribution and minimal coarsening. After T8 heat treatment, the Ω
phase became finer and more densely distributed. This enhanced phase distribution
contributed to a further increase in strength and ductility, showing that TRC could
optimize phase evolution for improved mechanical performance.

5. Challenges and Perspectives

In this study, we successfully applied the twin-roll casting (TRC) process to pro-
duce 2139 aluminum alloy sheets, marking a significant innovation in the production
of high-performance aluminum alloys. The application of TRC allowed for remarkable
improvements in both microstructure and mechanical properties, setting the stage for
future advancements. However, there were notable challenges that needed to be addressed.
The dissolution of iron-rich phases remained difficult, which affected the alloy’s overall
performance. Additionally, scaling up the TRC process for industrial production posed
challenges, particularly regarding heat dissipation and material flow control, which were
critical for maintaining consistent quality at larger scales. Future research will focus on
optimizing the TRC process through advanced simulation tools, such as finite element
analysis (FEA) and computational fluid dynamics (CFD), to refine parameters like cooling
rates and roll speeds, ensuring better control over the alloy’s properties. Overcoming these
limitations and integrating simulation-driven optimization with large-scale adaptations
will be essential to making TRC a widely adopted method for producing high-performance
aluminum alloys.
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Abstract

This study systematically investigates the influence of grain refinement on the microstruc-
tural evolution and mechanical properties of recycled Al-7Si-0.3Mg-1Fe alloy through the
addition of varying concentrations (0–1.25 wt.%) of Al-5Ti-2B master alloy. The synergistic
effects of Al-5Ti-2B on the α-Al phase, eutectic Si, and Fe-rich intermetallics were character-
ized using metallographic analysis, XRD, SEM-BSE imaging, and EDS. In the unrefined
alloy, the microstructure consisted of an α-Al solid solution with coarse plate-like eutectic
Si, while Fe primarily formed needle-like β-Al5FeSi phases that either surrounded or pen-
etrated the eutectic Si. Increasing the Al-5Ti-2B addition refined both the α-Al dendrites
and eutectic Si, while the β-Al5FeSi phase transitioned from coarse to fine needles. The
optimal refinement was achieved at a 1% Al-5Ti-2B addition, yielding a tensile strength of
149.4 MPa and elongation of 4.3%. However, excessive addition (1.25%) led to eutectic Si
aggregation and β-Al5FeSi coarsening, resulting in mechanical property deterioration and
brittle fracture behavior. These findings provide insights into optimizing grain refinement
for enhancing the performance of recycled Al-Si-Mg-Fe alloys.

Keywords: Al-5Ti-2B; recycled Al-7Si-0.3Mg-1Fe alloy; refinement treatment; microstructure;
mechanical properties

1. Introduction

As global carbon neutrality strategies advance, the recycled aluminum industry has
become a key pathway for achieving energy conservation and emissions reduction in the
non-ferrous metals sector. Statistical data show that the energy consumption of recycled
aluminum production is only 5% of that of primary aluminum, while approximately 40% of
global aluminum alloy demand is met through recycled sources. Among various recycled
aluminum alloys, Al-Si-Mg alloys are widely used in automotive components, electronic
housings, and other fields due to their excellent casting performance and mechanical prop-
erties. However, during the recycling process, recycled aluminum inevitably becomes
contaminated with iron-based impurities, leading to iron enrichment. Research data indi-
cate that the iron content in scrap aluminum can reach 3–5 times that of primary aluminum,
with the iron content in recycled Al-7Si-0.3Mg alloys typically exceeding 0.5 wt.% [1]. Al-
Si-Mg alloys with higher iron content exhibit larger eutectic silicon areas and more severe
eutectic silicon aggregation, making eutectic silicon prone to peeling, reducing the casting

Crystals 2025, 15, 584 https://doi.org/10.3390/cryst15070584
214



Crystals 2025, 15, 584

performance. Iron-rich intermetallic compounds may also serve as nucleation sites for
porosity, increasing porosity rates and causing casting defects [2]. Iron primarily exists in
aluminum alloys as needle-like β-Al5FeSi phases. These hard and brittle phases disrupt the
continuity of the matrix, becoming the primary crack sources in tensile fractures, promoting
crack initiation and propagation [3], as well as significantly reducing the alloy’s strength
and elongation. When the Fe content exceeds 0.8%, the alloy’s elongation may decrease by
over 50% [4]. More critically, traditional purification processes struggle to economically
and effectively remove iron, rendering the mechanical properties of high-iron recycled
aluminum alloys (Fe > 0.8%) unable to meet industrial standards. This has become the core
bottleneck constraining the high-value utilization of recycled aluminum.

The modification research on iron-rich aluminum alloys primarily focuses on the
following three aspects: (1) Control of the iron-phase morphology, with the addition of
elements such as Mn and Cr, of which Mn preferentially combines with Fe to form the
α-Al(Fe,Mn)Si phase, replacing the brittle β-Al5FeSi phase (needle-like or plate-like), while
Cr tends to form independent intermetallic phases, such as Al15(Fe,Cr)3Si2 [5,6]. Studies
have shown that adding 0.5–1.0 wt.% Mn can reduce the β-phase proportion from 25% to
below 5%, while controlling the α-phase size within the range of 5–10 μm [7]. Cr promotes
the non-uniform nucleation of primary Si and restricts its growth, thereby refining the
grain size [8]. (2) Rapid solidification technology inhibits iron-phase growth. During
rapid solidification (cooling rate of 105–107 K/s), Fe elements in the aluminum matrix are
“frozen” within the α-Al lattice due to an insufficient diffusion time, significantly reduc-
ing Fe segregation at the grain boundaries [9]. (3) Melt overheating treatment promotes
iron-phase spheroidization [10], but it has high energy consumption costs. Although these
methods have made some progress, they still have obvious limitations, as follows: Mn
addition requires strict control of the Fe/Mn ratio, as excess Mn can lead to the formation
of enriched phases such as Al15(Fe,Mn)3Si2 or Al6(Fe,Mn) [11], whose crystal structures are
predominantly cubic or hexagonal [12], resulting in poor compatibility with the aluminum
matrix, and they can easily become stress concentration points [13]. Rapid solidification
technology is constrained by equipment investment, and melt overheating treatment is only
applicable to specific composition systems. Recent studies have found that grain refinement
can indirectly improve the microstructural uniformity of iron-rich aluminum alloys. Grain
refinement increases the intergranular area per unit volume, providing more heteroge-
neous nucleation sites for the β-Al5FeSi phase. This spatial restriction effect significantly
reduces the anisotropic growth trend, resulting in a more uniform short rod-like or granu-
lar morphology of the β phase [14]. The three-dimensional network-like grain-boundary
structure (grain-boundary spacing <10 μm) formed by the fine-grained microstructure
alters the diffusion kinetics of Fe elements. Molecular dynamics simulations show that the
grain-boundary diffusion coefficient is 2–3 orders of magnitude higher than bulk diffusion,
effectively suppressing the localized enrichment of Fe elements in grain-boundary regions.
Experimental measurements indicate that the Fe segregation degree can be reduced from
15% in the original state to below 5%, thereby suppressing the preferential growth of the
β phase along specific crystallographic directions [15]. Modalavalasa et al. [16] noted
that while the addition of Co does not alter the morphology of the β phase, it refines its
distribution. The fine-grained microstructure provides more grain boundaries as nucleation
sites for phase formation, thereby disrupting its oriented growth. Simultaneously, it causes
multiple deflections in crack propagation paths, consuming more fracture energy and
enhancing the matrix’s resistance to stress concentration [17]. The above provides new
insights into regulating the performance of iron-rich recycled aluminum alloys through
grain refiners. However, the mechanism of the grain refinement behavior of traditional
Al-Ti-B grain refiners in iron-rich aluminum–silicon–magnesium alloy systems remains
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poorly understood, particularly regarding potential interface reactions, element segre-
gation, or chemical interactions between Fe and TiB2 particles, which may significantly
influence the heterogeneous nucleation efficiency. This critical scientific issue has not been
systematically explored in existing research and urgently requires in-depth analysis to
guide the microstructural regulation of high-performance aluminum alloys.

This study systematically controlled the addition of Al-5Ti-2B refiner (0–1.25%) to
investigate its effect on the as-cast microstructure and mechanical properties of iron-rich
(1%) recycled Al-Si-Mg alloy, with a focus on quantitatively analyzing the effect of TiB2 par-
ticles on the efficiency of α-Al heterogenous nucleation, establishing a structure–property
relationship between the addition amount and grain size, revealing the regulatory effect
of Al-5Ti-2B on the morphology and spatial segregation behavior of the β-Al5FeSi phase
and determining the optimal addition amount to suppress the harmful effects of the Fe
phase through a combination of microstructural characterization and performance testing.
By conducting a comprehensive analysis of the “refining agent dosage–microstructure–
performance” chain, this study aims to advance the development of processes for the
high-value utilization of recycled aluminum.

2. Materials and Methods

The experimental materials for this study were obtained from a company in Baise
City and consisted of recycled Al-Si-Mg aluminum alloy (Si: 7.51%; Mg: 0.31%; Fe: 1%; Al
balance), hereinafter referred to as recycled Al-7Si-0.3Mg-1Fe alloy. By adding different
proportions of Al-5Ti-2B intermediate alloy, the base material was remelted to prepare
the corresponding experimental samples. The specific process is as follows: (1) Melting
process—Melting was performed in a crucible melting furnace at 750 ◦C→Al-5Ti-2B in-
termediate alloy was added→the melt was maintained at temperature and allowed to
settle for 15 min. (2) Refining treatment—Refining was carried out by rotating stirring
with high-purity nitrogen introduced from the bottom (10 min)→after slag removal, the
melt was allowed to settle for another 10 min. (3) Casting and forming—When the melt
temperature dropped to 720 ◦C, it was poured into a preheated steel mold (300 ◦C) to
prepare the tensile test specimens. For the Al-Si-Mg-Fe alloys, due to their high eutectic
reaction temperature (approximately 577 ◦C), the Al-5Ti-2B grain refiner was prone to poi-
soning by Si in a silicon-rich environment, promoting the precipitation of the TiSi2 phase,
thereby weakening the refining effect. Additionally, the coarsening of the iron-rich phases
(such as β-Al5FeSi) further deteriorated the alloy’s mechanical properties, particularly the
ductility and toughness. Therefore, to suppress the formation of harmful phases and to
optimize the microstructure, a rapid cooling strategy was required to minimize the alloy’s
residence time in the high-temperature zone (>500 ◦C). Based on this, the demolding time
in this experiment was strictly controlled to within 45 s to ensure that the casting rapidly
separated from the mold after basic solidification, thereby maximizing the grain refinement
effect of Al-5Ti-2B and minimizing the adverse effects of the brittle phases.

For different Al-5Ti-2B addition ratios (as shown in Table 1), five tensile specimens
were prepared in parallel for each group and tested. The specimen dimensions were as fol-
lows (Figure 1): gauge length, L0 = 50 mm, and original diameter, d0 = 10 mm. Concurrently,
matching the metallographic specimens, the SEM-BSE analysis specimens were prepared
as follows: metallographic specimens were mechanically ground and polished, then etched
with Keller’s reagent for 10–20 s; the SEM-BSE specimens were only polished (no etching
required). After the tensile test, samples were taken 5 mm below the fracture surface for
the SEM fracture morphology observation. The specific correspondences between the
specimen numbers and Al-5Ti-2B addition ratios are detailed in Table 1.
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Table 1. Specimen ID and Al-5Ti-2B (wt.%).

Specimen ID Al-5Ti-2B Additions (wt.%)

1 0
2 0.25%
3 0.5%
4 0.75%
5 1%
6 1.25%

Figure 1. Tensile specimen dimensions.

Phase identification was performed using an X-ray diffractometer (XRD, Rigaku Smart-
Lab 9, Tokyo, Japan). Backscattered electron (BSE) images, tensile fracture morphology,
elemental distribution, and composition analysis were obtained using a tungsten-filament
scanning electron microscope (SEM, Hitachi SU5000, Tokyo, Japan) equipped with energy-
dispersive spectroscopy (EDS). Room-temperature tensile tests were conducted using a
universal testing machine (CMT-4015, Shenzhen Junrui Instrument, Co., Ltd., Shenzhen,
China) to determine the ultimate tensile strength and elongation. Round specimens were
employed for testing, with five replicates performed for each sample type. The maximum
load (Fmax, unit: N) sustained during the tensile testing was recorded for each trial, and
the average value was calculated. The original cross-sectional area (A0) of the specimens
was measured, and the ultimate tensile strength (Rm, unit: MPa) was calculated using
Equation (1). Elongation was determined as the ratio of permanent elongation after fracture
to the original gauge length, expressed as a percentage. The elongation (A) was calculated
using Equation (2), where L0 represents the original gauge length, and Lu denotes the final
gauge length after fracture and reassembly.

Rm =
Fmax

A0
(1)

A =
Lu − L0

L0
× 100% (2)

The microstructure of the specimens was observed using an optical microscope (OM,
Axio Observer 3m, Beijing Precise Instrument Co., Ltd., Beijing, China), and micrographs
were taken. Metallographic images at the same magnification ratio (×100) were selected,
and ImageJ 1.52 image software was used to perform binarization processing on the metal-
lographic images to highlight the grain boundaries. Based on the processed metallographic
images, the average grain boundary length, L, was measured using the straight-line inter-
section method. The grain boundary length refers to the length of the line segment between
the intersection points of the test line and the grain boundary. By calculating the average
value of a large number of grain boundary lengths, the grain size can be reflected. The
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specific method is as follows: (1) Overlay a set of parallel straight lines on the processed
metallographic images, ensuring that the total length of the lines covers multiple grains.
(2) Count the total number of intersection points P between the test lines and the grain
boundaries and measure the total length, LT, of the test lines. (3) Calculate the average
intercept using the formula shown in Equation (3).

L =
LT
P

(3)

3. Results

3.1. Metallographic Analysis

Figure 2 shows the as-cast microstructure of the recycled Al-7Si-0.3Mg-1Fe alloy at
different Al-5Ti-2B addition levels. The microstructure of the alloy without Al-5Ti-2B
addition is shown in Figure 2a. The matrix is primarily composed of an α-Al solid solution,
with eutectic Si forming coarse plate-like structures. The Mg elements are mainly dissolved
in the matrix or form nanoscale Mg2Si strengthening phases [1,2,18], but due to their
small size, they are difficult to distinguish in the figure. Fe primarily exists in the alloy
as needle-like β-Al5FeSi phases, which grow from the eutectic silicon boundaries and
penetrate the entire eutectic silicon structure [3]. Iron is a harmful impurity in aluminum–
silicon alloys. When its content is too high, it forms coarse, brittle intermetallic compounds
(such as β-Al5FeSi). These compounds tend to segregate at grain boundaries, acting as
stress concentration points that trigger microcracks and significantly reduce the strength
and plasticity of the alloy [4,19]. For recycled aluminum alloys, the presence of Fe is
very common; however, completely separating iron from the aluminum melt is quite
challenging. Current research primarily focuses on regulating the morphology of iron
phases [5–8], inhibiting their growth [9], and promoting spheroidization [10–13]. This
experiment attempted to add Al-5Ti-2B intermediate alloy to refine the matrix structure
while improving the morphology of the iron phases, aiming to enhance the performance
of recycled aluminum alloys. Figure 2b–f show the micrographs of the alloy after adding
Al-5Ti-2B, with addition levels of 0.25%, 0.5%, 0.75%, 1%, and 1.25%. As shown in the
figures, with the increasing addition of Al-5Ti-2B, the primary α-Al dendrites gradually
decreased in size, and the eutectic Si morphology transitioned from plate-like to granular
and fibrous. Figure 3 shows the XRD pattern of the alloy with 1% Al-5Ti-2B added. The
experimental results indicate that the XRD patterns of the base alloy remain unchanged
after adding different amounts of Al-5Ti-2B. This may be due to the low addition amount of
Al-5Ti-2B, whose diffraction signals are masked by the base alloy, or because the elements
dissolve into the alloy without forming new phases. Combining the XRD patterns in
Figure 3, as the addition of Al-5Ti-2B increases, the number of TiB2 particles per unit
volume of the aluminum melt increases. These particles serve as heterogeneous nucleation
substrates for α-Al, with Al3Ti forming a thin film on their surfaces, promoting α-Al
heterogeneous nucleation and increasing the nucleation rate, thereby refining the matrix
grains [20,21]. As the addition of Al-5Ti-2B increases, TiAl3 accumulates or adsorbs onto
the surface defects of the β-Fe phase, hindering its growth and causing its morphology
to transition from needle-like to short, rod-like structures. When the Al-5Ti-2B addition
reaches 1.25%, compared to a 1% addition, the alloy grain size increases, showing a trend
toward grain coarsening. Lin et al. [22] and Ke et al. [23] found that Si in the alloy reacts
with Ti to form Ti-Si compounds, consuming free Ti and reducing the grain refinement
effect, known as the “silicon poisoning” phenomenon. Additionally, Chowwanonthapunya
& Peeratatsuwan [24] investigated the effect of Fe on the grain refinement of Al-5Ti-1B
in recycled A356 alloy, finding that as the number of cycles increased, the concentrations
of Ti and B decreased, and the grain refinement effect weakened. This may be due to
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the presence of Fe promoting the consumption of Ti or forming complex Fe-Ti-B phases,
thereby affecting the effectiveness of TiB2.

Figure 2. Metallographic organization of regenerated Al-7Si-0.3Mg-1Fe alloy with different Al-5Ti-2B
additions: (a) 0% addition of Al-5Ti-2B; (b) 0.25% addition of Al-5Ti-2B; (c) 0.5% addition of Al-5Ti-2B;
(d) 0.75% addition of Al-5Ti-2B; (e) 1% addition of Al-5Ti-2B; (f) 1.25% addition of Al-5Ti-2B.
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Figure 3. XRD patterns of Al-7Si-0.3Mg-1Fe alloy with 0 and 1 wt% Al-5Ti-2B additions.

To further investigate the effect of Al-5Ti-2B addition on grain refinement in the alloy,
an Axio Observer 3m metallographic microscope was used to measure the grain size in the
microstructure of the alloy using the straight-line intercept method. Figure 4 shows the
relationship between the addition of Al-5Ti-2B and the grain intercept. As shown in the
figure, with an increase in the addition of Al-5Ti-2B, the average grain intercept of the alloy
exhibits a trend of first decreasing and then increasing. When no Al-5Ti-2B is added, the
average grain intercept is 18.12 μm; when the addition is 0.25%, the average grain intercept
is 16.96 μm; when the addition is 0.5%, the average grain intercept is 16.78 μm; when the
addition is 0.75%, the average grain size is 16.5 μm; when the addition is 1%, the average
grain size is 16.42 μm; and when the addition is 1.25%, the average grain size is 17.06 μm.
The grain size did not decrease further but, instead, showed a trend toward increasing,
confirming the previous discussion.

Figure 4. Influence of the Al-5Ti-2B addition amount on the grain intercept.
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3.2. BSE Imaging and EDS Analysis

To investigate the regulatory effect of Al-5Ti-2B on the morphology and spatial segre-
gation behavior of the β-Al5FeSi phase, SEM and EDS analyses were conducted on recycled
Al-7Si-0.3Mg-1Fe alloys containing different amounts of Al-5Ti-2B. Figure 5a–f show the
SEM morphology of the recycled Al-7Si-0.3Mg-1Fe alloy, with Al-5Ti-2B addition levels of
0%, 0.25%, 0.5%, 0.75%, 1%, and 1.25%. Figure 6 shows the EDS elemental layer map of
the recycled Al-7Si-0.3Mg-1Fe alloy. As shown in the figure, Fe elements are attached to
the edges of the eutectic silicon, while Mg elements are uniformly distributed throughout
the matrix. Figure 6a shows the EDS elemental layer map of the alloy without Al-5Ti-2B
addition, and Figure 6b shows the EDS elemental layer map of the alloy with 0.5% Al-5Ti-2B
addition. Combining Figures 5–7, it can be seen that the dark gray elongated strips in
Figure 5 represent eutectic Si, and TiB2 and TiAl3 are dispersed around the eutectic silicon.
As the addition of Al-5Ti-2B increases, TiAl3 aggregates on the surface of the eutectic silicon,
inhibiting its growth, thereby refining the alloy grains. Mg forms the Mg2Si strengthening
phase with Si, which is dispersed throughout the alloy matrix, enhancing the alloy’s me-
chanical properties. The bright white, elongated, and needle-like structures are β-Fe phases,
which grow around the eutectic silicon, disrupting the alloy matrix, and severely impair-
ing the alloy’s mechanical properties. As shown in Figure 5b–f, with an increase in the
addition of Al-5Ti-2B, the number of β-Fe phases in the matrix structure decreases. When
the addition of Al-5Ti-2B reaches 1%, the refinement effect of the β-Fe phase is significant,
with the elongated needle-like structures becoming finer and smaller. The morphology
of the eutectic silicon also changes, transitioning from strip-like to granular. When the
addition of Al-5Ti-2B reaches 1.25%, both the Fe phase and the Si phase exhibit obvious
coarsening phenomena. The β-Fe phase appears as coarse, elongated needles intertwined
within the grains and tending to aggregate, thereby weakening the mechanical properties
of the alloy. In Figure 5f, the eutectic silicon exhibits severe aggregation. Chen et al. [2]
and Song et al. [25] found that alloys with a higher iron content have larger eutectic silicon
areas and more severe eutectic silicon aggregation. Additionally, iron-rich intermetallic
compounds may serve as nucleation sites for pores, increasing the porosity and leading to
casting defects.

Figures 7 and 8 show the EDS spectra of the alloy without addition and with an
Al-5Ti-2B addition of 0.5%. As can be seen from the figures, the main elements in the alloy
are Al and Si, with a relatively low content of Mg. Based on the metallographic microscopy,
SEM morphology, and XRD analysis, the limited Mg content primarily dissolves into the
Al matrix to form Mg2Si strengthening phases, which are difficult to detect in the XRD
pattern due to their weak peaks. As shown in Figure 3, the XRD pattern of the alloy without
Al-5Ti-2B reveals a faint peak at 2θ = 44.7◦, corresponding to the α-Fe phase. In contrast,
after adding 1% Al-5Ti-2B, a distinct diffraction peak of the β-Al5FeSi phase appears at
2θ = 32.5◦. However, the XRD analysis results demonstrate that increasing the Al-5Ti-2B
addition from 0.25% to 1.25% does not lead to significant changes in the diffraction peaks.
Therefore, only the XRD patterns of the alloy without Al-5Ti-2B and with 1% Al-5Ti-2B
addition were compared in the subsequent analysis. The EDS elemental mapping further
reveals that Mg is predominantly distributed at the interface between α-Al and eutectic Si,
forming Mg2Si particles that disperse throughout the alloy matrix. These particles impede
dislocation motion, thereby enhancing the alloy’s strength. The key secondary phases in the
Al-5Ti-2B grain refiner are TiB2 and Al3Ti. According to Wang et al. [21], the (0001) plane of
TiB2 provides a low-energy nucleation substrate for α-Al, while the Al3Ti phase forms an
“Al3Ti/TiB2” composite structure by encapsulating TiB2, further reducing the nucleation
barrier. Even in Fe-rich alloys, this dual-phase synergistic effect remains dominant.

221



Crystals 2025, 15, 584

Figure 5. BSE of Al-7Si-0.3Mg-1Fe alloys with different Al-5Ti-2B additions: (a) 0% addition of Al-5Ti-
2B; (b) 0.25% addition of Al-5Ti-2B; (c) 0.5% addition of Al-5Ti-2B; (d) 0.75% addition of Al-5Ti-2B;
(e) 1% addition of Al-5Ti-2B; (f) 1.25% addition of Al-5Ti-2B.

To verify the findings described above and to understand the distribution of the
phases in the alloy, an EDS (energy-dispersive spectroscopy) analysis was performed
on the recycled Al-7Si-0.3Mg-1Fe alloy, as shown in Figure 9. Figure 9a shows the EDS
spectrum image obtained when the addition of Al-5Ti-2B was 1%, and Figure 9b shows
the SEM backscatter image when the addition of Al-5Ti-2B was 0.5%. Figure 9c–f are
the energy spectrum diagrams of points A, B, C, and D in Figure 9a,b, respectively. From
Figure 9a,c, it can be seen that the dark gray elongated structures in the alloy microstructure
are eutectic Si. According to the Al-Si alloy phase diagram, primary α-Al precipitates first
from the aluminum melt, and through the eutectic reaction, Al-Si eutectic silicon forms
between the dendrite arms. After cooling, Mg2Si and Si particles precipitate. Point B in
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Figure 9a contains the following four elements: Al, Si, Mg, and Fe. As shown in Figure 9d,
due to the high Fe content in the matrix alloy, Mg consumes Si to form the Mg2Si phase,
indirectly affecting the composition and morphology of the Al-Fe-Si phase. Doroshenko
et al. [26] found that in Al-6Mg-2Ca-2Zn alloys, the addition of Mg transforms the Fe-Al-Si
phase from needle-like to Chinese-character-like, with the results similar to those of this
experiment. Therefore, the microstructure at point B should be the AlFeSi phase. In this
case, Mg dissolves into the Al matrix, exerting a solid solution strengthening effect and
indirectly influencing the precipitation kinetics of the Fe-Si intermetallic compound [27].
Additionally, Mg enriches at the grain boundaries, inhibiting the growth of coarse Fe
phases and promoting the formation of nanoscale α-AlFeSi phases [28]. According to the
energy spectrum diagram at point C in Figure 9e, the bright white stripes in Figure 9a may
be α-Fe(Al12Fe3Si) or β-Fe(Al5FeSi or Al9Si2Fe2), but the Si content in the α-Fe phase is
relatively low. Combined with the XRD patterns in Figure 3, the structure is identified as
the β-Al5FeSi phase. Its morphology is needle-like or plate-like, growing along the eutectic
silicon boundaries and penetrating the entire eutectic structure. If Fe elements are locally
enriched due to uneven stirring during melting or other factors, the Fe-rich phase will
serve as an excellent nucleation site for pores during solidification, leading to increased
porosity in the casting and a reduced casting performance of the alloy.

Figure 6. Elemental EDS layering of Al-7Si-0.3Mg-1Fe alloys with different Al-5Ti-2B additions:
(a) 0% addition of Al-5Ti-2B; (b) 0.5% addition of Al-5Ti-2B.

Figure 7. EDS energy spectra of Al-7Si-0.3Mg-1Fe alloy without added Al-5Ti-2B.
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Figure 8. EDS energy spectra of Al-7Si-0.3Mg-1Fe alloy with 0.5% Al-5Ti-2B addition.

Figure 9. SEM map and EDS analysis results of the regenerated Al-7Si-0.3Mg-1Fe alloy after the
addition of Al-5Ti-2B.

In summary, as shown in Figure 9a, when the addition of Al-5Ti-2B increases to 1%, the
Fe-rich phase exhibits a fine needle-like or fibrous morphology, primarily in the form of a
β-Fe phase. As shown in Figure 5e, the needle-like or plate-like β-Fe morphology becomes
finer and shorter, and it is insufficient to penetrate the dendrites, resulting in improved
mechanical properties of the alloy. From the energy spectrum at point D in Figure 9f, it can
be seen that this point contains the following four elements: Al, Si, Ti, and B. This is because
the addition of Al-5Ti-2B to the regenerated Al-7Si-0.3Mg-1Fe alloy forms particles such
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as Al3Ti and TiB2, which act as heterogeneous nucleation or nucleation promotion agents,
refining the alloy grains. As the addition of Al-5Ti-2B increases, Al3Ti aggregates at defects
on the eutectic silicon surface, inhibiting its growth and achieving grain refinement of the
eutectic silicon. Meanwhile, TiB2 promotes the nucleation rate of Al3Ti, thereby achieving
grain refinement.

3.3. Tensile Properties Analysis

As shown in Table 2 and Figure 10, the tensile strength of the recycled Al-7Si-0.3Mg-
1Fe alloy first increases and then decreases with an increase in the Al-5Ti-2B addition.
When the Al-5Ti-2B addition is 1%, the tensile strength and elongation of the alloy reach
their maximum values at 145.7 MPa and 3.3%, respectively. Fe forms β-Fe phases in
Al-Si-Mg alloys, which are relatively coarse and reduce the fluidity of the aluminum al-
loy melt, affecting the feeding of the melt and leading to shrinkage porosity in castings,
thereby degrading the casting performance of the alloy [2]. Additionally, the hard and
brittle, elongated, and needle-like Fe phase causes cracks to propagate preferentially along
the Fe phase/silicon interface, severely damaging the alloy’s mechanical properties [29].
Bacaicoa et al. [3] found that the interface between the β-Al5FeSi phase and the matrix
is prone to microcracks due to differences in thermal expansion coefficients (β phase:
19.5 × 10−6/K, while the Al matrix has a coefficient of 23.6 × 10−6/K), microcracks are
prone to form. Eutectic Si particles act as obstacles during crack propagation, causing
cracks to deflect and branch [30]. At Al-5Ti-2B addition levels between 0 and 1%, combined
with SEM images in Figure 5, eutectic Si primarily distributes at the α-Al grain boundaries,
and bright white β-Al5FeSi phases are distributed around the eutectic Si, with some pene-
trating the entire eutectic structure. As the Al-5Ti-2B addition increases, the distribution
of the bright white β-Al5FeSi phases with coarse, elongated, and needle-like morphology
decreases per unit area, and the morphology of the eutectic Si transitions from rod-like to
granular, with the. distribution becoming more uniform, reducing interfacial stress. TiB2

and TiAl3 are distributed around the eutectic Si, and the pinning dislocation effects are
enhanced, further improving the alloy’s tensile strength and mitigating the adverse effects
of β-Fe on the alloy’s mechanical properties. When the Al-5Ti-2B addition reaches 1.25%,
the grain size increases again, grain refinement strengthening weakens, and the β-Fe phase
forms coarse needle-like structures penetrating the entire eutectic Si structure, disrupting
the aluminum alloy matrix. Concurrently, eutectic Si exhibits enrichment phenomena,
leading to a decrease in the alloy’s mechanical properties. Song et al. [25] investigated the
microstructure and fracture behavior of recycled Al-Si-Mg alloys, finding that the Fe-Si
phase serves as an excellent nucleation site for pores, resulting in an increase in pores
within the alloy castings and an increase in inter-dendritic defects. The hard and brittle
β-Fe phase causes the alloy to develop a series of microcracks, with the stress concentration
at the crack tips, promoting crack initiation and reducing the alloy’s tensile strength.

Table 2. Tensile strength and elongation of Al-7Si-0.3Mg-1Fe alloys.

Specimen Number Tensile Strength (MPa) Elongation (%)

1 117.7 2.5
2 121.1 2.0
3 139.2 1.9
4 145.7 3.3
5 149.4 4.3
6 142.6 2.5
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Figure 10. Trends of tensile strength and elongation of the regenerated Al-7Si-0.3Mg-1Fe alloys.

3.4. Fractography Analysis

Figure 11 shows the fracture surface morphology of the alloy after adding different
amounts of Al-5Ti-2B. According to the tensile test results, as the addition of Al-5Ti-
2B increases, the mechanical properties of the alloy first improve and then deteriorate.
The fracture mechanism is analyzed through fracture surface morphology analysis. As
reported in the literature [31–33], in unmodified iron-rich aluminum–silicon–magnesium
alloys, the primary crack propagates along the β-Al5FeSi phase/α-Al interface, forming
an intergranular fracture path; eutectic silicon particles act as stress concentration points,
inducing secondary cracks, and the fracture surface exhibits extensive cleavage planes.
Based on the test results, the macro fracture surfaces of all samples show no obvious yield
or necking phenomena, and the tensile fracture surfaces exhibit typical brittle fracture
characteristics. The tensile fracture surface of the recycled Al-7Si-0.3Mg-1Fe alloy without
the addition of Al-5Ti-2B is shown in Figure 11a. From the figure, it can be seen that the
fracture surface morphology is primarily river-like, exhibiting a cleavage fracture surface
morphology. From the fracture path analysis, the fracture surface is an intergranular
fracture, belonging to brittle fracture. This is because β-Fe grows along the eutectic Si
boundary, penetrating the entire eutectic structure and severing the alloy matrix. Under
external force, fractures first occur, forming crack sources, and secondary cracks are prone to
occur during crack propagation, accelerating material fracture. As the addition of Al-5Ti-2B
increases, quasi-cleavage planes appear in Figure 11b–e, and the river-like patterns become
shorter. Notably, when the Al-5Ti-2B addition reaches 1%, both the β-Al5FeSi intermetallic
phases and eutectic silicon undergo significant refinement, effectively mitigating stress
concentration effects. This microstructural modification alters the fracture mechanism,
causing crack propagation to circumvent the refined eutectic Si particles and leading
to characteristic intergranular fracture behavior [29,30], as shown in Figure 11e. The
fracture surface morphology exhibits minor tearing ridges (i.e., ductile pits (circled in the
figure)), but the fracture mode remains predominantly brittle. When the Al-5Ti-2B addition
reaches 1.25%, as shown in Figure 11f, the fracture surface exhibits extensive micro-porosity
(indicated by arrows in the figure). Figure 11g is an enlarged view of the micro-porosity in
Figure 11f, and the EDS spectrum at point A in Figure 11g is shown in Figure 11h. The Fe
content at this point reaches 32.16%, and the O element is likely introduced due to improper
sample handling, indicating that the microstructure at point A corresponds to the β-Fe
phase. The formation of shrinkage porosity is attributed to Fe enrichment, which has a
segregation effect on Al. Based on the research results in Reference [2], it is known that
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under external force, shrinkage porosity leads to crack initiation and propagation, resulting
in a decline in the mechanical properties of the alloy.

Figure 11. Tensile fracture SEM images of alloy specimens with different Al-5Ti-2B additions and the
results of the energy spectrum analysis at point A: (a) 0% addition of Al-5Ti-2B; (b) 0.25% addition of
Al-5Ti-2B; (c) 0.5% addition of Al-5Ti-2B; (d) 0.75% addition of Al-5Ti-2B; (e) 1% addition of Al-5Ti-2B;
(f) 1.25% addition of Al-5Ti-2B; (g) 1.25% addition of Al-5Ti-2B (×1000); (h) results of the energy
spectrum analysis at point A.
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4. Conclusions

(1) In the recycled Al-7Si-0.3Mg-1Fe alloy, Fe primarily exists in the form of the β-Al5SiFe
phase, appearing as coarse needle-like structures distributed around the eutectic Si,
with some penetrating the entire Al-Si eutectic structure and disrupting the matrix
structure. As the addition of Al-5Ti-2B increases, the α-Al primary phase and eutectic
Si in the matrix alloy structure become refined, and the structure tends to homog-
enize. When the addition of Al-5Ti-2B reaches 1%, the alloy properties reach their
optimal state, with the average grain size decreasing to 16.42 μm, tensile strength
increasing to 149.4 MPa, and the elongation increasing to 4.3%. When the addition
of Al-5Ti-2B continues to increase, the eutectic Si aggregates, the β-Al5SiFe phase
coarsens, and micro-porosity appears in the alloy structure, leading to a decline in the
alloy’s performance.

(2) Iron (Fe) elements adhere to the eutectic silicon (Si), forming the β-Al5FeSi phase.
Magnesium (Mg) enriches at grain boundaries, inhibiting the growth of coarse Fe
phases. Simultaneously, Mg reacts with silicon to form Mg2Si, achieving solid solution
strengthening and enhancing the alloy’s performance. Al-5Ti-2B serves as a grain
refiner, with its effectiveness primarily dependent on TiB2 and Al3Ti, which act as
nuclei for the heterogeneous nucleation of α-Al. When the addition of Al-5Ti-2B is
1%, the refinement effect on the primary α-Al phase and eutectic Si in the matrix
structure is significant, but its effect on altering the morphology of the β-Al5FeSi
phase is not prominent. However, after the matrix structure is refined, it inhibits the
growth and distribution of the β-Al5FeSi phase, thereby mitigating the adverse effects
of the β-Al5FeSi phase on the matrix alloy. When the addition of Al-5Ti-2B increases
to 1.25%, eutectic Si aggregates, and the β-Al5FeSi phase regrows into coarse needle-
like structures, severely impairing the alloy’s mechanical properties. Additionally,
iron-rich intermetallic compounds may serve as nucleation sites for pores, increasing
the porosity and leading to casting defects. Therefore, when improving the properties
of iron-rich regenerated Al-Si-Mg alloys through the refinement effect of Al-5Ti-2B,
the optimal addition amount is 1%.

(3) Based on the relevant literature and experimental results, it is known that due to the
difference in thermal expansion coefficients at the interface between the β-Al5FeSi
phase and the matrix, microcracks are prone to form. Under external force, these
microcracks propagate rapidly along the interface between the β-Al5FeSi phase and
the α-Al matrix. Meanwhile, unmodified eutectic Si particles act as obstacles during
crack propagation, causing crack deflection and branching, which severely impair the
mechanical properties of the alloy. The presence of Fe elements affects the distribution
of eutectic Si, thereby reducing the alloy’s casting performance. In tensile tests, the
fracture surface shows no obvious yield or necking phenomena, with brittle fracture
being the primary mode of failure.

5. Outlook

(1) Interfacial Behavior of TiB2/Al and Fe Segregation Mechanisms

The current understanding confirms that Fe impurities in recycled aluminum (typi-
cally forming β-Al5FeSi intermetallics) detrimentally affect the heterogeneous nucleation
efficiency of TiB2 particles in Al-5Ti-2B refiners. To address this fundamental issue, future
investigations should prioritize the following:

(i) In situ TEM characterization of Fe segregation kinetics at TiB2/Al interfaces, par-
ticularly focusing on the atomic-scale interaction between Fe and the (0001)TiB2

nucleation substrate;
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(ii) Quantitative assessment of nucleation potency deterioration through interfacial en-
ergy measurements (e.g., AFM-based nanomechanical testing), establishing a predic-
tive model correlating Fe concentration with undercooling requirements.

Such studies would provide critical insights into impurity-mediated nucleation inhibi-
tion mechanisms.

(2) Rare-Earth-Enhanced Impurity Tolerance in Recycled Al-Si-Mg Alloys

A promising research direction involves developing RE-modified grain refinement
systems, as follows:

(i) The synergistic effects of Ce/La multi-component additions could mitigate Si poi-
soning by competitively binding with Ti (as verified by ab initio MD simulations of
Ti-Si-RE cluster stability);

(ii) Advanced correlative microscopy (combining APT for nanoscale Mg mapping and
synchrotron μ-XRD for phase identification) is essential to quantify Mg partitioning
behavior in Fe-containing systems;

(iii) Phase-field modeling incorporating experimental inputs from high-throughput
XRD-EBSD could elucidate the stabilization mechanism of α-Al(Fe,Mn)Si phases
during solidification.

This integrated approach may redefine impurity management strategies in recycled
alloys.

(3) Thermomechanical Processing Optimization

Key knowledge gaps remain regarding the following:

(i) The critical strain threshold for Fe-intermetallic fragmentation during multi-pass
rolling, which could be determined through high-temperature EBSD coupled with
crystal plasticity finite element modeling (CPFEM);

(ii) The role of stored energy distribution (characterized by 3D-EBSD and TEM dislocation
analyses) in governing precipitation kinetics during post-deformation aging.

Establishing these process–structure–property relationships would enable microstructure-
informed manufacturing of high-performance recycled alloys.
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Abstract

With the continuous exploitation of bauxite mineral resources, Guangxi bauxite faces many
difficulties in alumina production due to its characteristics of high silicon content, high
iron content, and a low Al-Si ratio. In view of this, this study is closely related to the
key link of bauxite pre-desiliconization and strives to break free from the status quo to
improve the aluminum/silicon ratio and help optimize the subsequent alumina-refining
process. In the work presented in this paper, the unique mineralogy of Guangxi bauxite
was comprehensively considered, covering its complex mineral composition and fine dis-
tribution characteristics. The barium hydroxide pre-desilication technology was first used
for in-depth experimental exploration, and the silicon removal efficiency under different
working conditions was systematically compared. The system compared the silicon re-
moval effect and the associated aluminum loss under different working conditions. The
results of this study will lay a solid foundation for the rational and efficient development of
bauxite in Guangxi, which is expected to reduce the cost of alumina production, improve
the economic benefits for the Guangxi aluminum industry, simultaneously strengthen the
efficiency of resource recycling, accelerate the sustainable development of the industry, and
provide a useful reference example for subsequent similar studies.

Keywords: Guangxi bauxite; desilication; Bayer process; alumina

1. Introduction

Bauxite is the main raw material for primary aluminum production. The essence
of the whole chain of aluminum industrial production is to achieve the whole process
conversion from mining bauxite, alumina, electrolytic aluminum, and aluminum primary
products to deep aluminum processing according to the needs of the product terminal.
Bauxite resources play a decisive role in the construction and development of aluminum
industry. Guangxi is rich in bauxite resources, has good resource endowment, and has
good geological conditions for bauxite mineralization. It is one of the four provinces and
regions with the largest bauxite reserves in China and occupies an important position in
the country. According to the mineral resources survey results, by the end of 2021, the total
amount of bauxite resources in Guangxi, accounted for more than 25% of the country’s
bauxite resources. More than 90% of these resources are accumulative bauxite, and less
than 10% are sedimentary bauxite [1]. However, with the decrease in domestic bauxite
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reserves and grade, the import volume of bauxite is increasing year by year, and it is urgent
to strengthen the utilization of low-grade bauxite [2].

Silicon has a significant impact on the utilization of bauxite resources. In the produc-
tion process of primary aluminum, the silicon element exists in the form of silicate and
reacts with an alkali solution to produce sodium silicate, which consumes a large amount
of alkali, and increases production costs [3]. During the leaching process of bauxite, sodium
silicate forms a co-precipitate with sodium aluminate, resulting in the loss of aluminum,
reducing the leaching rate of alumina, and causing stuttering on the surface of the equip-
ment, thus affecting its normal operation and increasing maintenance costs and energy
consumption [4]. In addition, almost all silicon enters the red mud during the production
process, resulting in an increase in the amount of red mud. At present, there are not many
good treatments for red mud, only some methods of recycling and reusing parts of red
mud such as oxides [5].

In the process of bauxite purification and primary aluminum production, desilication
technology is one of the core links that determine the economic efficiency of the process.
The current mainstream methods for desilication include physical [6], chemical [7], and
biological [8] methods. Physical methods mainly utilize the differences in mineral density
and surface properties to separate silicate impurities, such as flotation, gravity separation,
and magnetic separation techniques [9]. These methods have certain advantages in process-
ing high-silica bauxite, but usually require complex equipment and multi-step operations.
Massola et al. [10] used reverse flotation (a physical method) with ether amine as the
collector and corn starch as the inhibitor of desilication of bauxite under pH 10 conditions,
and finally obtained a concentrate with an alumina content of 42.3% and an alumina/silica
ratio of 12.6. After magnetic separation, the alumina content was further increased to 54.0%.
Abroon et al. [11] tested the effects of cationic collectors such as DDA, CTAB, and DTAL
on flotation efficiency within the pH range of 6–7, and found that DTAL performed the
best in terms of the Al2O3 recovery rate and A/S ratio. Chemical methods use chemical
reactions to remove silicon impurities, such as the alkaline leaching process in the Bayer
process [12]. Zhengshuai J et al. [13] used lime for the desilication of the silicon-containing
alkaline solution after alkaline leaching, achieving the recycling of the alkaline solution,
and the aluminum/silicon ratio of the concentrate after recycling was still greater than 7.
Sun Y et al. [14] successfully extracted Al2O3 and SiO2 from high-silica bauxite using a
two-step process of sodium carbonate sintering combined with water leaching and acid
leaching. The total recovery rate of Al2O3 was about 97% and that of SiO2 was about 86%,
achieving efficient resource utilization. The biological method utilizes the reaction between
microorganisms and minerals containing silicon, which exists in soluble substances to
reduce the silicon content and has good environmental potential. Shah S S et al. [15]
used organic acids produced by the filamentous fungus Penicillium simplicissimum to
acid hydrolyze silicates in bauxite, leaching aluminum and achieving an environmentally
friendly desilication pathway without the generation of red mud. Qi Wang et al. [16] used
a biological method to remove silicon from high-silica bauxite. Through the action of two
efficient silicon-solubilizing bacteria (Arthrobacter pascens H19 and Burkholderia anthena
G21), the silicon content in the bauxite was significantly reduced, and its aluminum/silicon
ratio was significantly increased to 9.15–9.64, meeting the requirements for producing
alumina by the Bayer process.

The work of this article is to optimize the alkali leaching pre-desilication treatment in
the Bayer process for producing primary aluminum. The Bayer process has the advantages
of low energy consumption, simple process, and high product quality, and is currently the
main method for producing aluminum from bauxite in the world [17]. Despite significant
success in industrial production, the desilication process remains a complex and critical
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step. The presence of silicon can seriously affect the quality and production efficiency of
alumina, so it is of great significance to study how to effectively remove silicon. Sodium
hydroxide is commonly used as a desilication agent in the Bayer process [18]. Bauxite reacts
with the sodium hydroxide solution under high-temperature and pressure conditions, and
silicon dioxide reacts with sodium hydroxide to form sodium silicate, which then forms
hydrated aluminum silicate precipitate to remove silicon impurities. However, this process
has high requirements pertaining to the aluminum/silicon ratio of bauxite, and there are
problems such as high alkali consumption and a large amount of red mud.

For this reason, barium hydroxide (Ba(OH)2) was selected as the desiliconization agent
in this study due to its strong alkalinity and high reactivity with silicate.

2. Materials and Methods

2.1. Experimental Principle

Barium hydroxide, as the desilication agent in this study, exhibited the following core
reaction during the experimental process:

Na2SiO3 + Ba(OH)2 = BaSiO3 + 2 NaOH (1)

During the desilication process of barium hydroxide, the stable precipitation of barium
silicate (BaSiO3) generated by the reaction can achieve the efficient separation of silicon,
while regenerating NaOH further reduces alkali consumption. This reaction can also re-
duce the loss of aluminum to a lower level during the desilication process. After barium
hydroxide treatment, the ratio of aluminum to silicon in the slurry is higher than the
6–7 control line required by the Bayer process, which reduces the burden of desilica-
tion in the subsequent Bayer process, is conducive to the subsequent Bayer process, and
greatly reduces the cost of alumina production process. This method provides the possi-
bility for the achievement of efficient desiliconization technology, which is more in line
with the needs of Guangxi alumina production and promotes the rapid development of
local economy.

2.2. Experimental Raw Materials and Reagents

The raw ore of bauxite used in the experiment was taken from a place in Guangxi. Its
components are listed in Table 1.

Table 1. The chemical composition of raw bauxite (wt. %).

Al2O3 SiO2 CaO Fe2O3 TiO2 ω (Al/Si)

50.00 8.60 0.25 22.87 3.62 5.82

During the experiment, bauxite and limestone were blended with a circulating mother
liquor at a mass ratio of 6.85:1. This mixture was charged into an autoclave and main-
tained at 270 ◦C for 60 min. In the ore-blending stage, solids were added to achieve a
target solid concentration of 370 g/L, utilizing 2 L of the circulating mother liquor. The
composition of the mother liquor was as follows: total alkali (NT) = 261.7 g/L, caustic alkali
(NK) = 250 g/L, and carbon alkali (Nc) = 4.5 g/L. Lime was incorporated according to a
target CaO/SiO2 (C/S) molar ratio of 1.65. In the bauxite slurry prepared by the above
operation, the solubility of the harmful substance TiO2 is relatively small, and the solubility
of Al2O3 is sufficient [19]. The specific composition is shown in Table 2.
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Table 2. The chemical composition of raw slurry composition (wt. %).

Al2O3 SiO2 Na2O K2O BaO ω (Al/Si)

31.28 10.29 39.96 14.38 1.15 3.04

The barium hydroxide powder used in the experiment is a pure reagent, the mass
fraction of hydrochloric acid is 30%, and the carbon dioxide gas is a pure gas.

The equipment used in the test includes a constant-temperature water bath heating
pot (to provide a stable-temperature environment for the experimental reaction), a vacuum
drying oven (for drying the precipitate obtained during the experiment), and an electronic
balance (for accurately weighing the mass of the experimental raw materials).

2.3. Experimental Methods
2.3.1. Pre-Desiliconization of Bauxite Slurry

The pre-desiliconization test of the slurry was carried out in an orderly manner in the
constant-temperature water bath heating pot. Alumina slurry (100 mL) was transferred to
a beaker. A measured quantity of barium hydroxide powder was added, and the mixture
was homogenized using a magnetic stirrer to ensure complete contact. The beaker was
sealed and immersed in a thermostatic water bath preheated to the target temperature.
Stirring commenced immediately, and recording the reaction time was began. After the
predetermined reaction time, the beaker was rapidly removed. The slurry underwent
liquid–solid separation via filtration. The separated solids were vacuum-dried. Chemical
composition analysis was performed on the dried solids, and their phase composition was
characterized by XRD. The pre-desilication rate of the bauxite ore was calculated based on
the chemical composition of the slurry following precipitation and acid dissolution, using
the formula below:

Pre-desiliconization rate = M Si removed/M Si in original solution × 100% (2)

2.3.2. Dissolution of Aluminum Hydroxide

In the bauxite slurry after heat preservation treatment and solid–liquid separation
in the previous stage, carbon dioxide gas is continuously injected for 30 min. When the
predetermined time is reached, the solution is filtered using a vacuum filter to obtain a
white precipitate and a filtrate. The resulting white precipitate is dried in a vacuum drying
oven, and the final product is aluminum hydroxide. The experimental process is shown in
Figure 1.

Figure 1. Experimental process.
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3. Results

3.1. Pre-Desiliconization of Bauxite Slurry by Barium Hydroxide Powder

During the experiment, different conditions such as the amount of barium hydroxide
added, temperature gradient, and insulation time gradient were set to systematically inves-
tigate the effect of barium hydroxide on the pre-desilication rate of the original slurry. The
corresponding pre-desilication rate data under different conditions are shown in Table 3.
As shown in Table 3, under the condition of a constant insulation temperature of 25 ◦C,
increasing the amount of barium hydroxide added from 2 g to 3 g resulted in a certain
improvement in the desilication rate of the samples at different insulation times. At the
same time, under the conditions of 2 g and 3 g of barium hydroxide addition, extending the
insulation time resulted in an increase in the desilication rate of the samples, and the desili-
cation effect was significantly improved. However, when the amount of barium hydroxide
added remains constant and the insulation temperature is increased, the desilication rate
decreases to a certain extent, and the desilication effect deteriorates, showing a negative
correlation trend, as shown in Table 3. Taking into account the desilication effect, under
the experimental conditions of group 6, namely, with a Ba(OH)2 addition of 3 g, a holding
temperature of 25 ◦C, and a holding time of 50 min, the desilication effect is optimal.

Table 3. Pre-desilication rates corresponding to different conditions.

Number 1 2 3 4 5 6 7 8 9 10 11 12

Amount of barium
hydroxide added/g 2 2 2 3 3 3 3 3 3 3 3 3

Temperature/◦C 25 25 25 25 25 25 25 50 60 70 80 90
Time/min 30 40 50 30 40 50 30 30 30 30 30 30

Desilication rate/% 96.77 96.87 97.13 97.30 97.02 97.53 96.94 96.70 96.62 96.91 96.44 96.41

From the principle of chemical reaction, it is known that barium hydroxide is con-
tinuously consumed during the desilication process. Only by ensuring sufficient barium
hydroxide can the silicon element be fully reacted and completely removed. In addition,
extending the insulation time appropriately makes the reaction more complete, helps
the crystallization of barium silicate to be more complete, and makes the reaction more
thorough, thereby improving the precipitation efficiency of barium silicate, enhancing the
desilication effect, and improving the pre-desilication rate.

3.2. Influence of Insulation Time on Leaching Performance of Aluminum Hydroxide

To investigate the effect of holding time on the leaching performance of aluminum
hydroxide, experiments were conducted under conditions where the amount of barium
hydroxide added remained constant while the holding time was varied. When 3 g of
barium hydroxide was added, three time intervals were set, i.e., 30 min, 40 min, and
50 min. Based on the data, the curve depicting the silicon content percentage over time was
plotted, as shown in Figure 2. It was clearly observed that, for the same amount of barium
hydroxide added, the silicon content percentage gradually decreased as the holding time
increased from 30 min to 50 min. This indicated that the holding time significantly impacted
the leaching performance of barium hydroxide on aluminum hydroxide. During longer
holding times, longer contact and reaction times between barium hydroxide and silicates
were allowed. This facilitated the continuous progression of the desilication reaction,
promoted a more complete crystallization of barium silicate, improved the precipitation
efficiency, and thereby enabled a more effective removal of silicon. Consequently, the
purity was enhanced, and the desilication rate was increased. Therefore, in practical
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production, appropriately extending the holding time to facilitate the desilication reaction
is recommended to improve the desilication rate.

Figure 2. The proportion of silicon content changes with time under the addition of 3 g of Ba(OH)2.

3.3. XRD and SEM Analyses of Dissolved Aluminum Hydroxide

The dissolved aluminum hydroxide precipitate was subjected to XRD phase analysis,
as shown in Figure 3. From the figure, it can be seen that the leached precipitate is indeed
identified to be aluminum hydroxide, with only a small amount of the impurity phase. This
is attributed to the inclusion of sodium during the precipitation of aluminum hydroxide,
resulting in impurities [20].

Figure 3. Dissolved aluminum hydroxide.

The scanning electron microscope (SEM) characterization was performed on the
acquired aluminum hydroxide powder. Figure 4 presents the morphologies observed
for the resulting aluminum hydroxide powder. The analysis reveals that the aluminum
hydroxide particles exhibit a small particle size and homogeneous distribution.

The selected aluminum hydroxide powder underwent localized SEM and EDS investi-
gations, with the results illustrated in Figures 5 and 6.
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Figure 4. SEM of aluminum hydroxide powder at different magnifications.

Figure 5. SEM of localized aluminum hydroxide powder.

 

Figure 6. EDS analysis of aluminum hydroxide powder.

According to the SEM and EDS data analyses, the sample contains a very low concen-
tration of silicon, which exists as fine particles dispersed in the solid gaps of aluminum
hydroxide and is classified as a trace impurity. The slightly elevated sodium content can
be attributed to its introduction in the previous process. Meanwhile, the iron content is
extremely low and has almost no influence.

Compared with the traditional lime-based desilication, barium hydroxide desilication
has significant advantages in multiple aspects.

In terms of reaction rate, the advantages of the barium hydroxide method are particu-
larly prominent. The lime method for desilication mainly utilizes the reaction of calcium
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hydroxide (Ca(OH)2) with the silicon element to generate hydrated calcium silicate pre-
cipitate for desilication [21]. However, the solubility of calcium hydroxide in water is
relatively low, and the concentration of Ca2+ ions it can provide in aqueous solutions is
limited. Chemical reactions are limited by the concentration of Ca2+ ions, resulting in a
slower reaction rate. On the contrary, barium hydroxide (Ba(OH)2) has a high solubility
in water and can quickly produce a large amount of Ba2+ ions when dissolved in water,
increasing the concentration of Ba2+ ions. These Ba2+ ions can quickly react with the silicon
element in the solution to form a barium silicate precipitate, greatly improving the rate of
desilication reaction.

Barium hydroxide desilication also has significant advantages in aluminum loss. Dur-
ing the process of desilication by the lime method, the generated hydrated calcium silicate
precipitate has a large specific surface area, which makes it easier to adsorb aluminum
ions, resulting in the chemical loss of aluminum. The precipitation properties of barium
silicate generated by the desilication of barium hydroxide are relatively stable, and its
adsorption effect on aluminum ions is weak, which can effectively reduce the chemical loss
of aluminum.

From the point of view of energy consumption, barium hydroxide desiliconization also
has certain advantages. Because the barium hydroxide method has a fast reaction rate, it can
achieve a better desiliconization effect in a short time, so the time and energy consumption
required for the reaction can be reduced. In contrast, due to the slow reaction rate of lime
desiliconization, in order to achieve the ideal desiliconization effect, it often needs a longer
reaction time and a higher reaction temperature, which undoubtedly increases the energy
consumption [22].

In addition, compared with acid-based desilication, barium hydroxide desilication
also has environmental advantages. Acid-based desilication usually uses strong acids such
as sulfuric acid and hydrochloric acid, which are costly. During the desilication process,
a large amount of acidic wastewater is generated, which is highly corrosive and makes
it difficult to separate aluminum later, causing serious pollution to the environment [23].
In the process of desilication by the barium hydroxide method, no acidic wastewater
is generated, and the precipitation of barium silicate produced by the desilication reac-
tion can also be reused as building materials, fully meeting the requirements of green
environmental protection.

4. Conclusions

(1) This study systematically explored the pre-desilication process of barium hydroxide
based on the characteristics of high silicon content and a low aluminum/silicon ratio
in a low-grade bauxite mine in Guangxi, aiming to improve the aluminum/silicon
ratio and optimize the subsequent alumina production process. The research results
indicate that, to a certain extent, the desilication effect is positively correlated with the
amount of barium hydroxide added and the holding time, and negatively correlated
with the reaction temperature. The research results provide the possibility of achieving
efficient desilication technology for low-grade bauxite and improving the utilization
rate of mineral resources, thereby better meeting the demand for alumina production
in Guangxi and promoting economic development.

(2) In this paper, adding 3 g of barium hydroxide powder to 100 mL bauxite slurry and
keeping it at a temperature of 25 ◦C for 50 min can achieve the best desilication
effect. The experimental results showed that, under this condition, the desilication
rate reached 97.53%, and the aluminum/silicon ratio was significantly improved,
exceeding the control line required for the production of alumina by the Bayer process.
At the same time, the properties of the barium silicate precipitate generated by the
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barium hydroxide method for desilication are relatively stable, and it has a weak
adsorption effect on aluminum ions, which can effectively reduce the loss of aluminum
during desilication, reduce aluminum loss, and effectively solve the problems of high
aluminum loss (5–10%) in the traditional lime method and serious environmental
pollution in the acid method.

(3) The research results have demonstrated certain value and advantages in terms of econ-
omy and resource utilization. In terms of economy, after desilication treatment with
barium hydroxide, the aluminum/silicon ratio of the slurry significantly increases,
exceeding the control line required by the Bayer process for producing alumina. This
advantage greatly reduces the burden of desilication in the subsequent process of pro-
ducing alumina using the Bayer process, and correspondingly reduces the equipment
investment, chemical reagent consumption, and energy consumption required in
the subsequent desilication process, thereby effectively reducing the cost of alumina
production and improving the economic efficiency of the enterprise.

(4) Future research can further focus on the development of barium salt cycle process,
the collaborative removal mechanism of fine silicon particles, and the optimal design
of industrial continuous reaction devices, in order to deepen the application potential
of technology and help the efficient development and industrial upgrading of bauxite
resources in China.
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