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Preface to ”Advanced Glasses, Composites and

Ceramics for High Growth Industries”

‘Advanced Glasses, Composites and Ceramics for High-Growth Industries’ (CoACH) was a

European Training Network (ETN) project (http://www.coach-etn.eu/) funded by the Horizon 2020

program. CoACH involved multiple actors in the innovation ecosystem for advanced materials,

comprised of five universities and ten enterprises in seven different European countries. The project

studied the next generation of materials that could bring innovation in the healthcare, construction,

and energy sectors, among others, from new bioactive glasses for bone implants to eco-friendly

cements and new environmentally friendly thermoelectrics for energy conversion. The novel

materials developed in the CoACH project pave the way for innovative products, improved cost

competitiveness, and positive environmental impact.

The present Special Issue contains 14 papers resulting from the CoACH project, showcasing the

breadth of materials and processes developed during the project:

(i) Graphitized porous biocarbon monoliths were produced by means of spark plasma sintering

(SPS). Their high thermal conductivity makes them candidate materials for thermal energy

storage, such as thermal enhancers and containers for phase change materials [1].

(ii) Innovative thermoelectric materials from nontoxic elements and new manufacturing techniques

for more efficient thermoelectric devices are discussed in [2,4,12].

(iii) Energy-efficient, low-cost, and eco-friendly materials from industrial wastes with improved

strength and fracture resilience were produced and discussed in [3]. Eco-sustainable porous

materials with low thermal conductivity that could be exploited for building applications are

presented in [5,13].

(iv) The effect of the incorporation of Er2O3-doped particles on the structural and luminescent

properties of phosphate glasses was investigated. The obtained results provided evidence that

the direct doping method is a promising technique for the development of new active glasses [6].

(v) New glass–ceramic sealants that could increase the reliability of solid oxide electrolysis cells

(SOECs) were produced and tested at temperatures up to 850 ◦C [7]. Furthermore, the effect of

the manufacturing process on the final strength of the whole reversible solid oxide cell (SOC)

stack was studied in [8].

(vi) Innovative glass fibre sensors and new tests to monitor the degradation of polymer composites

in harsh environments are reported in [9,14].

(vii) Novel antibacterial and nanostructured coatings for medical devices and implants for dental,

orthopaedic, and tissue engineering applications were developed. They can help to reduce

bacterial infections and cut the use of antibiotics by patients, as discussed in [10,11].
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Abstract: Wood-derived porous graphitic biocarbons with hierarchical structures were obtained by
high-temperature (2200–2400 ◦C) non-catalytic graphitization, and their mechanical, electrical and
thermal properties are reported for the first time. Compared to amorphous biocarbon produced at
1000 ◦C, the graphitized biocarbon-2200 ◦C and biocarbon-2400 ◦C exhibited increased compressive
strength by ~38% (~36 MPa), increased electrical conductivity by ~8 fold (~29 S/cm), and increased
thermal conductivity by ~5 fold (~9.5 W/(m·K) at 25 ◦C). The increase of duration time at 2200 ◦C
contributed to increased thermal conductivity by ~12%, while the increase of temperature from
2200 to 2400 ◦C did not change their thermal conductivity, indicating that 2200 ◦C is sufficient for
non-catalytic graphitization of wood-derived biocarbon.

Keywords: graphitization; wood-derived biocarbon; thermal conductivity

1. Introduction

Wood-derived biocarbon (biochar, charcoal) structures have gained much attention owing to
the hierarchical architecture of their cellular pore structures and the ability to produce complex
shapes [1–4]. The graphitization of carbon has a significant impact on its properties, i.e., the electronic,
magnetic and thermal properties [5–7]. Graphitic porous biocarbon monoliths are promising because
they combine good mechanical properties with low density (0.11–0.97 g/cm3) with the properties
of graphite (high degree of ordering, low thermal expansion coefficient, good thermal and electrical
conductivities) [8]. Two main techniques have been used to graphitize wood-derived biocarbons,
including non-catalytic high-temperature (up to 3000 ◦C) graphitization [5], and low-temperature
(1300–1600 ◦C) catalytic graphitization with Fe, Co, Mn and Ni etc. [8–12]. During the catalytic
graphitization process, the catalysts introduce impurities (i.e., carbides, metal particles) into the
biocarbon structure, and the graphitic carbon surrounding the catalyst particles (i.e., Fe, Co, and Ni),
can be formed at 1000–1600 ◦C [8,13]. Acid washing (i.e., HNO3) is required to remove metal particles in
order to achieve pure graphitic carbon. Byrne et al. [14] graphitized wood-derived biocarbon at 2500 ◦C
without the use of a catalyst, however, they did not report their mechanical properties, or electrical
and thermal conductivities. Until now, there are few reported works on the effect of temperature
and duration time on the properties (especially thermal conductivity) of graphitized wood-derived
biocarbon structures prepared by non-catalytic high-temperature (above 2000 ◦C) graphitization [5].

Porous carbon materials with high thermal conductivity are needed for thermal energy storage,
such as thermal enhancers and containers for phase change materials [15,16]. Rico et al. [8] evaluated
the thermal conductivity of Fe-catalyst graphitized wood-derived carbon, and found that the thermal
diffusivity of graphitized carbon increased with increasing pyrolysis temperatures up to 800 ◦C,
mainly resulting from an increased degree of graphitization. Johnson et al. [17] found that Ni-catalyst

Materials 2018, 11, 1588; doi:10.3390/ma11091588 www.mdpi.com/journal/materials1
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graphitized wood-derived carbon has similar properties, and they further infiltrated copper into the
pore structures to increase the thermal conductivity.

In this work, graphitized porous biocarbon monoliths derived from beech wood were obtained
by heating at high temperatures (2200–2400 ◦C) without the use of a catalyst. This heat treatment
was performed in a Spark Plasma Sintering (SPS) furnace with high heating and cooling rates (up to
200 ◦C/min). Accordingly, we report for the first time the effects of temperature and duration time on
the properties (compressive strength, electrical and thermal conductivity) of these samples prepared
by non-catalytic high temperature graphitization.

2. Experimental Process

Cylindrical pieces of beech wood (DOW003100, Tilgear Ltd., Hertfordshire, UK) were chosen
as the carbon source. Cylindrical biocarbon structures (Ø = ~6 mm, H = ~9 mm) were prepared by
pyrolyzing the beech wood (DOW003100, Tilgear Ltd.) at 1000 ◦C for 4 h, as performed in our previous
work [18]. The prepared biocarbon structures were then heated to higher temperatures (2200 ◦C and
2400 ◦C) in Ar for different duration times (2–15 min) in a SPS furnace. A heating rate of 200 ◦C/min
and cooling rate of 100 ◦C/min were used during this thermal processing. A pressureless mode in SPS
was used in order to retain the porous biomorphic structure derived from the wood. The bulk density
(geometrical density, which includes pores) of the samples was estimated by dividing the weight by
the geometrical volume. The solid density (which excludes the pores) of the samples was measured
using the Archimedes’ method.

An FEI Inspect-F scanning electron microscope (SEM, Hillsboro, OR, USA) was used to
characterize the morphology of the samples. Transmission electron microscopy (TEM, JEOL 2010,
JEOL, Akishima, Japan) and X-ray diffraction (XRD, Siemens Diffraktometer-D5000, Siemens, Berlin,
Germany) analysis with Cu Kα radiation were used to detect the crystalline structures in the samples.
Raman spectroscopy (Labspec 6, Horiba Jobin-Yvon, Kyoto, Japan) at room temperature was used to
determine the degree of structural disorder in the carbons using an excitation of 514 nm. The degree of
crystallinity (β) was calculated using the following Equation (1) [8]:

β =
IG

IG + ID
(1)

where IG and ID are the intensities (area under the peak) of the bands G (~1580 cm−1) and D
(~1350 cm−1) in the Raman spectra, respectively.

The nitrogen absorption-desorption isotherm was measured using an Autosorb-IQ2-MP-C system
(Quantachrome Instruments, Boynton Beach, FL, USA). The specific surface area and pore size
distribution were calculated using the multipoint Brunauer–Emmett–Teller (BET, Quantachrome
Instruments, Boynton Beach, FL, USA) method and Quenched Solid Density Function Theory
(QSDFT), respectively.

The compressive strength of a set of six samples with nominal dimensions of Ø = 6 ± 0.1 mm and
H = 9 ± 0.3 mm was measured in the axial direction at room temperature using a universal testing
device (Model 4202, Instron, Canton, MA, USA). The displacement speed was set at 0.5 mm/min.

The room-temperature electrical conductivity of the samples was measured using a two-point
conductivity measurement technique, using a picoameter (Keithley 6485, Keithley, Solon, OH, USA)
and DC voltage source (Agilent 6614C, Agilent, Santa Clara, CA, USA).

The thermal diffusivity (α) was measured on cylinder samples (diameter: ~6 mm, thickness: ~1.5 mm)
using a Netzsch LFA-457 thermal analyzer (Netzsch, Hamburg, Germany). Three measurements were
carried out at each temperature in the range of 25–800 ◦C in a flowing Ar atmosphere. The thermal
conductivity (κ) was calculated using the following equation: κ = Cp × D × α. In our work, the specific
heat capacity (Cp) of samples was taken from the literature (0.25–2.0 J/(g·K) in the temperature range
of 25 to 800 ◦C [19], and D was taken as the bulk density (geometric density).
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3. Results and Discussion

Figure 1 shows the microstructures and pore size distributions of the wood-derived biocarbons
after different heat treatments. The biocarbon-2400 ◦C exhibited uniform and nearly round macropores
with diameters of ~50 μm and ~8 μm, as shown in Figure 1a,b. Dense struts (Figure 1c) were also
observed, providing strong mechanical support for the structures. The biocarbon-1000 ◦C (Figure 1d)
exhibited a relatively wide range of micropores (0–25 nm), while the graphitized biocarbon-2400 ◦C
exhibited a micropore distribution mainly concentrated in the range of 0–10 nm (Figure 1e). This might
result from the shrinkage of large nano-sized pores (10–50 nm) during the graphitization process.
In addition, the specific pore volume and specific surface area of the biocarbon-2400 ◦C were two orders
of magnitude smaller than that of the biocarbon-1000 ◦C, indicating the disappearance of micropores
during the high temperature (2400 ◦C) treatment. This mainly resulted from the disappearance of
small pores (≤50 nm) caused by the rearrangement of carbon structures at high temperatures up to
2400 ◦C. The shrinkage of nano-sized pores might limit the application of the graphitized biocarbon in
the electrochemical energy storage applications.

 

Figure 1. (a–c) SEM micrographs and (d,e) pore size distributions (based on BET analysis) of the
biocarbon structures obtained at different heat treatment conditions. (d) is the sample prepared at
1000 ◦C for 4 h and (e) is the sample prepared at 2400 ◦C for 10 min.

The Raman spectra for the biocarbon-1000 ◦C exhibited a broad weak D peak at 1360 cm−1

and G peak at 1584 cm−1, indicating that it contained little graphitic carbon (Figure 2). All of the
biocarbons prepared at 2200 ◦C and 2400 ◦C exhibited both a sharp D and G peak, which are related to
the defect structure of graphite and perfect graphite structure (in-plane stretching of graphite lattice,
in-plane vibration of sp2 carbon atoms), respectively. The G/D ratio increased in the graphitized
biocarbon-2200 ◦C with the dwell time increasing from 2 to 15 min. This indicates a higher degree of
graphitization in the biocarbon, which is further confirmed by the XRD patterns (Figure 3a) and TEM
images (Figure 3b,c). The biocarbon-2400 ◦C exhibited a slightly higher G/D ratio compared to the
biocarbon-2200 ◦C. Both biocarbon-2200 ◦C and biocarbon-2400 ◦C exhibited a smaller (~50%) full
width at half maximum (FWHM) of their G band compared with biocarbon-1000 ◦C, indicating a high
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relative amount of graphitic carbon to amorphous carbon. The corresponding crystalline ratio of the
samples was calculated based on the Equation (1), and is shown in Table 1.

Figure 2. Raman spectra of wood-derived biocarbon prepared at different temperatures and
dwell times.

The XRD and TEM analysis were also used to further investigate the graphitization of the
biocarbons, as shown in Figure 3. The biocarbon-1000 ◦C exhibited two broad peaks at 2θ = 20–26◦

and 2θ = 41–46◦, which are characteristic of amorphous carbon. Both the biocarbon-2200 ◦C and
biocarbon-2400 ◦C showed a superposition of two peaks (a broad peak and a sharp peak) at 2θ = 20–28◦.
Both the biocarbon-2200 ◦C and biocarbon-2400 ◦C showed characteristic peaks at 2θ = 26◦ and 2θ = 43◦,
which correspond to the reflections of the (002) and (001) planes of graphitic carbon, respectively [20,21],
indicating the formation of graphitic carbon, which is in good agreement with the Raman data
(Figure 2). The biocarbon-1000 ◦C exhibited a typical HRTEM image for an amorphous structure
(Figure 3b), while the biocarbon-2400 ◦C showed graphitic carbon layers (see red dashed circle) and
some amorphous carbon regions (see red solid circle in Figure 3c). The SAED pattern (inset of Figure 3b)
further confirmed the amorphous nature of biocarbon-1000 ◦C, which is consistent with the XRD
data (Figure 3a). The SAED pattern (inset of Figure 3c) further confirmed the crystallinity of the
biocarbon-2400 ◦C, consistent with the peaks in the XRD pattern.

 
Figure 3. (a) XRD patterns of biocarbon structures obtained using different temperatures and dwell
times; (b,c) are high resolution transmission electron microscope (HRTEM) images of the biocarbon
structures prepared at 1000 ◦C and 2400 ◦C, respectively. The insets are the corresponding selected
area electron diffraction (SAED) patterns.

X-ray photoelectron spectroscopy (XPS) was used to identify c, as shown in Supplementary
Figure S1. The XPS survey spectra shown in Figure S1a indicates the presence of C and O in both
the biocarbon-1000 ◦C and biocarbon-2400 ◦C. The biocarbon-2400 ◦C exhibited a smaller atomic
percentage of O (3.6 at %) than the biocarbon-1000 ◦C (9.7 at. %). In the high-resolution C 1s spectra
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(Figure S1b,c), the higher dominant peak at 285.6 eV indicates a higher volume of C=C/C-C in the
biocarbon-2400 ◦C. Both biocarbon-1000 ◦C and biocarbon-2400 ◦C exhibited the peaks of C-O and
C=O, which are further confirmed in the high resolution O 1s spectra (Supplementary Figure S2).

Table 1 shows the weight loss, density, specific surface area, electrical conductivity, thermal
conductivity, crystallinity ratio and compressive strength of the biocarbons. The biocarbon-1000 ◦C
exhibited a bulk density of 0.51 g/cm3 and a solid density of 1.85 g/cm3. The bulk density of the
graphitized biocarbons-2200–2400 ◦C exhibited a slight decrease (from 0.51 to 0.48 g/cm3), owing
to a further weight loss of ~10 wt%, probably caused by a mild oxidation and evaporation of the
carbon in the SPS chamber during the high temperature graphitization process. However, the solid
density of the graphitized biocarbons-2200 and -2400 ◦C moderately increased to ~2.02 g/cm3, owing
to the disappearance of nanopores and rearrangement of carbon during the graphitization process at
high temperatures (2200–2400 ◦C). The specific surface area and specific pore volume of graphitized
biocarbon-2400 ◦C compared to the biocarbon-1000 ◦C decreased from 356 to 144 m2/g and from 0.267
to 0.232 cm3/g, respectively, owing to the disappearance of micropores (<50 nm) shown in Figure 1e.
Compared to biocarbon-1000 ◦C (~2.8 S/cm), the electrical conductivity of the graphitized biocarbons
increased by ten fold (~29 S/cm). This increase was produced by the formation of the graphitic carbon,
which is confirmed by the increase of the calculated crystallinity ratio of the graphitized samples given
in Table 1. In addition, the compressive strength (36 MPa) of the graphitized samples increased by
~38% compared to biocarbon-1000 ◦C, again probably resulting from the graphitic carbon formed at
2200–2400 ◦C. However, the increased duration time from 2 to 15 min and higher temperature from
2200 to 2400 ◦C, did not significantly increase their compressive strength.
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Figure 4 shows the thermal transport properties versus temperatures (25–800 ◦C) for the
wood-derived biocarbon structures prepared at different temperatures (1000–2400 ◦C) and duration
times (2–15 min). As shown in Figure 4a, the measured thermal diffusivity of biocarbon-1000 ◦C
slightly increased with the measuring temperature increasing from 25 to 800 ◦C. On the contrary,
the graphitized biocarbons exhibited decreasing thermal diffusivity with increasing temperature.
These thermal diffusivity trends versus measuring temperature are consistent with the reported
data for Fe-graphitized biocarbons in the literature [8]. Compared to amorphous biocarbon-1000 ◦C,
the graphitized biocarbons-2200 ◦C and -2400 ◦C exhibited much higher thermal diffusivity (up to
~6 mm2/s). As shown in Figure 4b, the graphitized biocarbon-2400 ◦C exhibited similar thermal
diffusivity during the heating and cooling process, indicating the stability of the samples during the
high-temperature measurements (below 800 ◦C).

 

Figure 4. (a) Thermal diffusivity as a function of measuring temperatures for biocarbons obtained
using different processing temperatures and dwell time; (b) Thermal diffusivity versus measuring
temperatures during the heating and cooling process of the biocarbon prepared at 2400 ◦C for 10 min;
(c) Thermal conductivity as a function of measuring temperatures for biocarbons; (d) Comparison of
thermal conductivity (at 100 ◦C) of beech-derived biocarbons prepared using different techniques.

Figure 4c shows the corresponding thermal conductivity calculated based on the measured
diffusivity (Figure 4a) and using values for the heat capacity reported in the literature [15]. All of
the samples exhibited increasing thermal conductivity with increasing measuring temperature from
25 to 800 ◦C. This phenomenon is consistent with the reported results for Fe-graphitized biocarbon
structures [8]. The total thermal transfer of the porous biocarbon was mainly through the pores by
radiation and struts (pore walls) by electrons and phonons. The contribution of large pores (~1–500 μm)
to heat loss by radiation plays a significant role in the thermal transport of porous ceramic foams [22],
resulting in the increase of thermal conductivity of biocarbon with increasing measuring temperature.
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The thermal conductivity of biocarbon-2400 ◦C is up to 5 times higher than the biocarbon-1000 ◦C at the
same measurement temperature. As polycrystalline graphite has more than two orders higher thermal
conductivity than amorphous carbon [15], this higher thermal conductivity of graphitized biocarbon
mainly resulted from the formation of graphitic carbon. With the increase of duration time from 2 to
15min at 2200 ◦C, the thermal conductivity of samples increased moderately by ~12%. This mainly
resulted from the increased degree of crystallinity of the biocarbon. The electronic contribution of
the thermal conductivity (estimated using Wiedemann-Franz law) in the biocarbon-2400 ◦C was
estimated to be only < ~0.004 W/m/K [8], which is far smaller than the total thermal conductivity
(≥ ~2 W/m/K).

Figure 4d shows the comparison of our results with the reported thermal conductivity data for
graphitized biocarbon structures derived from beech wood from the literature [8,17]. Our samples
exhibited ~89% higher thermal conductivity than the highest result reported in the literature [8,9].
Since the crystallinity ratio of graphitized biocarbon in our work is similar to the reported one for
Fe-graphitized biocarbon [8], the high thermal conductivity of our graphitized biocarbon might result
from the increased phonon contributions produced by the massively reduced micropore and nanopore
volumes (as shown in the BET data in Figure 1).

4. Conclusions

The wood-derived porous monolithic biocarbon structures were graphitized without the use of a
catalyst at 2200–2400 ◦C with high heating and cooling rates (up to 200 ◦C/min) in a Spark Plasma
Sintering (SPS) furnace. The effects of temperatures and duration time on the microstructures of the
biocarbons were investigated in detail. Furthermore, the properties of the graphitized biocarbons
were also investigated including their mechanical, electrical, and thermal properties. Compared to the
un-graphitized biocarbon, the graphitized biocarbons at 2200 ◦C and 2400 ◦C exhibited an increased
compressive strength of ~38%, and increased room-temperature electrical conductivity of ~8 fold.
In addition, the graphitized biocarbons exhibited up to 5 times higher thermal conductivity than the
ungraphitized biocarbon. With the increase of duration time from 2 to 15 min at 2200 ◦C, the graphitized
biocarbon exhibited increased thermal conductivity by ~12%, while for the increase of temperature
from 2200 to 2400 ◦C for 10 min, the graphitized biocarbon exhibited similar thermal conductivity.
This indicates that 2200 ◦C might be the optimum temperature for non-catalytic graphitization of
wood-derived biocarbon.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/11/9/1588/
s1, Figure S1: (a) Full-scan XPS of biocarbon structures obtained using different temperatures. (b) and (c) are the
high resolution C 1s XPS scan of the biocarbon-1000 ◦C and biocarbon-2400 ◦C, Figure S2: The high resolution O
1s XPS scan of the biocarbon-1000 ◦C and biocarbon-2400 ◦C.
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Abstract: GeTe-based materials are emerging as viable alternatives to toxic PbTe-based thermoelectric
materials. In order to evaluate the suitability of Al as dopant in thermoelectric GeTe, a systematic
study of thermoelectric properties of Ge1−xAlxTe (x = 0–0.08) alloys processed by Spark Plasma
Sintering are presented here. Being isoelectronic to Ge1−xInxTe and Ge1−xGaxTe, which were reported
with improved thermoelectric performances in the past, the Ge1−xAlxTe system is particularly focused
(studied both experimentally and theoretically). Our results indicate that doping of Al to GeTe causes
multiple effects: (i) increase in p-type charge carrier concentration; (ii) decrease in carrier mobility;
(iii) reduction in thermopower and power factor; and (iv) suppression of thermal conductivity
only at room temperature and not much significant change at higher temperature. First principles
calculations reveal that Al-doping increases the energy separation between the two valence bands
(loss of band convergence) in GeTe. These factors contribute for Ge1−xAlxTe to exhibit a reduced
thermoelectric figure of merit, unlike its In and Ga congeners. Additionally, divalent Ba-doping
[Ge1−xBaxTe (x = 0–0.06)] is also studied.

Keywords: Thermoelectrics; GeTe; Al-doping; Ba-doping; loss of band convergence; lowered zT

1. Introduction

The generation, storage and transport of energy are among the greatest challenges, if not the
most formidable challenge of all, for years to come. In this regard, thermoelectric (TE) materials
and devices have drawn increasing interest and attention due to their potential to reversibly convert
waste heat into electricity [1]. The TE material’s efficiency is quantified by a dimensionless figure of
merit, zT = S2σT/κ where S, σ, T and κ are the Seebeck coefficient, electrical conductivity, absolute
temperature and total thermal conductivity (sum of the electronic part, κe, and the lattice part, κlatt),
respectively. Seebeck coefficient, electrical and thermal conductivity are inter-locked and there is
a high degree of challenge to decouple the electronic and thermal transport [2]. To tackle these
challenges, thermoelectric material research has recently flourished with the emergence of novel
concepts of band engineering, nanostructuring and discoveries of various novel materials. Amongst the
state-of-the-art TE materials, the extensively studied PbTe-based materials are limited by their toxicity
for any practical applications, despite their high zT [3–6]. Recently, GeTe-based materials have emerged
as a clear alternative choice, as they have proven to exhibit higher performance (zT > 1), if optimally
doped with suitable elements [7–10]. Some of the strategies for GeTe-based materials to enhance the
power factor (S2σ) and/or to suppress κlatt were adopted on compositions such as GeTe-AgSbTe2

(TAGS) [11], GeTe-LiSbTe2 [12], GeTe-AgInTe2 [13],GeTe-AgSbSe2 [14], (GeTe)nSb2Te3 [15],
Ge1−xPbxTe [16], Ge1−xBixTe [17], (Bi2Te3)nGe1−xPbxTe [18], Ge1−xInxTe [19], GeTe1−xSe [20],
Ge1−xSbxTe [21], Ge1−xAgxTe [7], Ge1−xMnxTe [22], Ge1−x−ySnxPbyTe [23], Ge1−xSbxTe1−ySey [24],

Materials 2018, 11, 2237; doi:10.3390/ma11112237 www.mdpi.com/journal/materials10
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GeTe-GeSe-GeS [25], Ge1−x−yBixSbyTe [26], Ge1−x−yBixInyTe [9], Ge0.9-yPb0.1BiyTe [27], and more
recently Ge1−x−yGaxSbyTe [8]. The crystal structure of these GeTe-based compounds undergoes a
second-order ferroelectric structural transition from rhombohedral symmetry (low temperature phase)
to cubic symmetry (high temperature phase) at around 700 K [10].

This work tries to explore the suitability of trivalent Al and divalent Ba as dopants for improving
the thermoelectric performance of GeTe. The choice of Al is particularly interesting, as its isoelectronic
group-13 counterparts In and Ga, if doped in optimum concentration, have proven to strongly enhance
the thermoelectric performance of GeTe [8,19].

2. Materials and Methods

The samples Ge1−xAlxTe (x = 0–0.08) and Ge1−xBaxTe (x = 0–0.06) were synthesized by vacuum
sealed-tube melt processing. The obtained ingots were crushed into powder and consolidated by Spark
Plasma sintering, SPS (FCT Systeme GmbH) at 773 K for 5 min under an axial pressure of 60 MPa.
Details pertaining to experimental procedures, and materials characterization including electrical and
thermal transport property measurements were discussed in detail in our previous works [6–9,28–30].

Density Functional Theory (DFT) calculations were performed to understand the effect of doping
on the electronic states of GeTe. We used the projector-augmented-wave (PAW) approach [31]
implemented in the Vienna ab initio simulation package (VASP) [32]. Calculations were performed
using the generalized gradient approximation (GGA) for the exchange-correlation term parametrized
by J. P. Perdew et al. [33] Similar to our previous work on Ga-doped GeTe [8], spin orbit coupling
was included in the computations. As we were interested in high temperature behavior of doped
GeTe, calculations were performed on cubic structural models. Impurities were substituted to Ge
atom in a 4 × 4 × 4 super-cell. In order to understand the effect of Al, the calculations were
performed on Al2Ge62Te64 model (which is close to the experimental Ge0.97Al0.03Te composition).
The distance between two Al atoms was 12.02 Å. For the irreducible cell, the Brillouin-zone integration
was performed using a 25 × 25 × 25 Monkhorst−Pack k-mesh. For the super-cell, we used a
3 × 3 × 3 k-mesh for the atomic relaxation and a 7 × 7 × 7 k-mesh for the electronic density of
states (DOS) calculations.

3. Results and Discussion

The sharp reflections observed from X-ray diffraction (XRD) patterns for Al and Ba doped GeTe
(Figure 1a,b, respectively) indicate the crystalline nature of the phases. The main reflections in both
cases could be indexed to the rhombohedral (R3m) GeTe phase (PDF# 00-047-1079). The rhombohedral
phase was further confirmed by the presence of double reflections [(0 2 4) and (2 2 0)] in the range of
2θ values between 41◦ and 44◦. A minor proportion of Ge-rich secondary phase was also present, as in
agreement with the previous studies [7–9]. Based on the evolution of lattice parameters, the solubility
limit for Al in GeTe was estimated to be 4 mol%. At higher content of Al (for x > 0.04), Al2Te3

secondary phase started to appear and the GeTe main phase was not rhombohedral anymore (change
of symmetry). The solubility limit for Ba in GeTe was found to be minimum (< 2 mol%), as Ba2Ge2Te5

phase existed in all the samples. This is unsurprising given the larger atomic radii of Ba compared to
that of Ge.
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Figure 1. XRD patterns for Ge1−xAlxTe (a) and Ge1−xBaxTe (b) systems.

Results from Hall measurements tabulating carrier concentration (n) and mobility (μ) are
presented in Table 1. Holes are the major charge carriers (p-type), as the Hall voltage was found
to be positive (p-type) in both Ge1−xAlxTe and Ge1−xBaxTe systems. Doping Al to GeTe provides extra
holes to the system, which is reflected in the enhancement in charge carrier density. This is in contrast
to the effect observed in In and Ga (isoelectronic with Al) doped GeTe, where In and Ga decreased
the hole concentration by filling up Ge vacancies [8,19]. On the other hand, the mobility reduction
can be attributed to the alloy scattering mechanism arising from the doping of Al and Ba to GeTe [34].
Due to decreased mobility, the electrical conductivity at room temperature was decreased for both
Ge1−xAlxTe (Figure 2a) and Ge1−xBaxTe (Figure 3a) systems with respect to that of GeTe. However, this
trend was reversed at higher temperatures (cross over point at ~450 K) for Al-doped GeTe (Figure 2a).
Such similar cases were reported for SnTe and PbTe-based materials, and those cross over effects
were attributed to the changes in the electronic band structure with increasing temperature [35,36].
The electrical conductivity of all the samples decreased with increasing temperature, which suggests a
degenerate semi-conducting behavior. The positive Seebeck coefficient confirmed the p-type charge
carriers in Al and Ba doped GeTe (Figures 2 and 3), which was consistent with the Hall measurement
results. The thermopowers of Ge1−xAlxTe and Ge1−xBaxTe monotonically increased with temperature.
With increasing Al and Ba content, the change in S values at room temperature were not much
evident, but they decreased significantly with increasing temperature, when compared to pristine
GeTe. Doping of Al and Ba to GeTe decreased the S values, as it drastically inflated the hole
carrier concentration. Consequently, the reduction of Seebeck coefficient with Al and Ba content also
considerably affected the thermoelectric power factor (Figures 2 and 3). Finally, with Al and Ba doping,
the total thermal conductivity decreased considerably at room temperature (Figures 2 and 3). However,
it remained almost constant with temperature for Al-doped GeTe. The decreased thermopower
significantly affected the thermoelectric figure of merit, zT (Figures 2 and 3), which plunged with
dopant concentration.

Table 1. Hall measurement results (at ~300 K) of carrier concentration (n) and mobility (μ) for
Ge1−xAlxTe (x = 0.00–0.08) and Ge1−xBaxTe (x = 0.00–0.06) samples.

Sample Carrier Concentration, n (cm−3) Mobility, μ (cm2V−1s−1)

GeTe 9.08 × 1020 57.0
Ge0.98Al0.02Te 1.75 × 1021 21.8
Ge0.96Al0.04Te 2.88 × 1021 10.6
Ge0.94Al0.06Te 2.17 × 1021 12.5
Ge0.92Al0.08Te 3.01 × 1021 8.8
Ge0.98Ba0.02Te 9.78 × 1020 28.2
Ge0.97Ba0.03Te 9.06 × 1020 33.6
Ge0.94Ba0.06Te 1.62 × 1021 16.2
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Figure 2. Temperature-dependent (a) electrical conductivity (σ), (b) Seebeck coefficient (S), and (c)
power factor (PF = S2σ), (d) total thermal conductivity (κ), and (e) figure of merit (zT) for Ge1−xAlxTe
(x = 0.00–0.08) samples.
To have a more cogent understanding on the detrimental effects of these dopants in GeTe, DFT

calculations were performed. As we were interested in the high temperature domain for thermoelectric
application, these DFT calculations were carried out on 4 × 4 × 4 super-cells derived from the cubic
structural arrangement of GeTe. The electronic density of states (DOS) computed for the cubic models
of pristine and Al-doped GeTe (Al2Ge62Te64 ≈ Ge0.97Al0.03Te) are shown and compared in Figure 4a.
The Al-induced resonant states (distinctly indicated by a sharp hump) are present around the Fermi
level (EF), just like its isoelectronic counterparts In and Ga [8,19]. In such a situation, the Seebeck
coefficient is expected to increase, which is not the case with Al (Figure 2b).
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Figure 3. Temperature-dependent (a) electrical conductivity (σ), (b) Seebeck coefficient (S), and (c)
power factor (PF = S2σ), (d) total thermal conductivity (κ), and (e) figure of merit (zT) for Ge1−xBaxTe
(x = 0.00–0.06) samples.

Since the DOS calculations yielded inconclusive evidence, electronic band structures were
computed to decipher the role of Al in GeTe. The band structures are plotted in Figure 4 along
some high symmetry lines of the cubic Brillouin zone (BZ). The energy difference between light and
heavy hole valence bands (ΔELΣ) for undoped cubic Ge64Te64 was found to be 64 meV, consistent
with a recent report [37]. The flat and localized Al bands are located within the principal band bap
(Figure 4d). Al-doping in GeTe increased the energy separation between the light hole and heavy
hole valence bands to 179 meV (180% increment in ΔELΣ when compared to pristine c-GeTe), thus
disfavoring the band convergence. According to Mott’s relationship, Seebeck coefficient strongly
depends on the total DOS effective mass, which in fact is directly proportional to the product of
Nv

2/3 and the average DOS effective mass for each pocket (Nv is the number of degenerate carrier
pockets) [38]. For GeTe, Nv is 4 for the L band and it increases to 12 for the ∑ band [21]. Hence, by
increasing the energy separation between L and ∑ bands by doping of Al to GeTe, the contributions
from the additional carriers (from ∑ valence band) to electrical transport are lost, thus resulting in a
significant reduction in the Seebeck coefficient.

For composition at x = 0.02, Al-doped GeTe exhibits a thermopower of ~110 μV/K at 623 K.
For the same level of doping, the isoelectronic In-doped GeTe is known to exhibit a much higher
thermopower of ~200 μV/K at the same temperature [19]. ΔELΣ for the In-doped GeTe (for InGe63Te64
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≈ Ge0.98ln0.02Te model) is calculated to be 95 meV, which is almost two times lower than the ΔELΣ

for Al-doped GeTe. It must be noted that, even though the ΔELΣ for In-doped GeTe is marginally
higher than that of pristine GeTe, the presence of In-induced resonant states near the EF has helped
it to exhibit a superior thermopower compared to pristine GeTe. However, for the Al-doped GeTe,
the beneficial effect of the presence of Al-induced resonant states near the EF is nullified and severely
affected by the extremely large energy separation between the light hole and heavy hole valence bands
(179 meV). This explains the juxtaposition of high thermoelectric performance of Ge0.98In0.02Te and
low thermoelectric performance of Ge0.98Al0.02Te (isoelectronic) compounds.

 

Figure 4. (a) Calculated DOS for Al2Ge62Te64 (Ge0.97Al0.03Te) model, which is compared with that of
the pristine cubic phase Ge64Te64 (c-GeTe). The Fermi level (EF) of pristine c-GeTe is set arbitrarily
at 0 eV. The dashed line represents the shifted EF for the doped compositions. Additional Gaussian
smearing of 25 meV was applied and the Al projected DOS is magnified for a better readability of the
curves. (b) Brillouin zone of c-GeTe. Band structures for (c) c-Ge64Te64 using a 4 × 4 × 4 supercell
showing band folding in the Γ → K (∑) direction, and (d) Al2Ge62Te64 (Ge0.97Al0.03Te) highlighting
Al projections. Line thickness is proportional to the projection of the wave function on the Al (in
red) orbitals.

For the case of Ba-doped GeTe, though the DFT results were inconclusive in portraying a clearer
picture to explain the reduction in thermopower, it can be attributed to the presence of the secondary
phase (Ba2Ge2Te5). More in-depth studies, like experiments to synthesize this Ba2Ge2Te5 phase and
measure its transport properties (to estimate the role of contribution of that secondary phase to the
overall thermoelectric behavior of the Ge1−xBaxTe compound) are required to understand the causes
for Ba-doped GeTe to exhibit lower TE performance.
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4. Conclusions

The crystalline ingots of Ge1−xAlxTe (x = 0–0.08) and Ge1−xBaxTe (x = 0–0.06) were prepared by
the vacuum-sealed tube melting route, followed by Spark Plasma Sintering processing. Al and Ba are
found to not be the best choice of dopants for GeTe, as they subside its thermoelectric performance.
Al-doping, unlike other isoelectronic group-13 elements (In and Ga), inflates the hole concentration
and drastically increases the energy separation between light and heavy hole bands in GeTe, thus
resulting in a reduced thermopower.
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Abstract: Glass-based geopolymers, incorporating fly ash and borosilicate glass, were processed
in conditions of high alkalinity (NaOH 10–13 M). Different formulations (fly ash and borosilicate
in mixtures of 70–30 wt% and 30–70 wt%, respectively) and physical conditions (soaking time and
relative humidity) were adopted. Flexural strength and fracture toughness were assessed for samples
processed in optimized conditions by three-point bending and chevron notch testing, respectively.
SEM was used to evaluate the fracture micromechanisms. Results showed that the geopolymerization
efficiency is strongly influenced by the SiO2/Al2O3 ratio and the curing conditions, especially the air
humidity. The mechanical performances of the geopolymer samples were compared with those of
cellulose fiber–geopolymer matrix composites with different fiber contents (1 wt%, 2 wt%, and 3 wt%).
The composites exhibited higher strength and fracture resilience, with the maximum effect observed
for the fiber content of 2 wt%. A chemical modification of the cellulose fiber surface was also observed.

Keywords: geopolymer composite; wastes incorporation; cellulose fibers; cellulose modification

1. Introduction

Geopolymers and alkali-activated materials (AAMs) are considered as the cementitious materials
of the future [1], to be applied mainly in building and civil infrastructures [2–4]. What makes
these materials widely attractive is the low CO2 emission process of production, coupled with
mechanical properties at least comparable to Portland cement (OPC) [5–7]. To date, however,
extensive market diffusion has failed due to several reasons, including the cost of production, upscaling,
and standardization of the process [8]. Nevertheless, so far, no other materials have been found to be
more suitable than geopolymers and AAMs for facing the constantly increasing concern regarding
climate change due to greenhouse gas emissions in the atmosphere, with 8% of the annual CO2

emissions being accounted for by OPC production [1,7,9].
To decrease the cost of production, a fundamental solution consists of the incorporation of

aluminosilicate waste, such as fly ash (a byproduct of coal combustion in thermal power plants) [10–16],
as raw materials. The alkali-activation of fly ash induces the formation of a Ca-modified sodium
aluminosilicate hydrates (N-A-S-H) gel through the polycondensation of aluminosilicate–lime species
in a semiamorphous network composed of long-chain molecules [9,17,18]. In contrast to the benefits of
its low cost and versatility of production, the extensive presence of hydrate groups in the chemistry of
fly ash-based AAMs does not make this material more durable than OPC, unlike geopolymers [19–22].
The latter materials are characterized by a low Ca content (which normally favors the formation of a
calcium silicate hydrates gel, C–S–H) and a silica-to-alumina ratio (SiO2/Al2O3) exceeding 2, and thus
they yield a semiamorphous three-dimensional and highly cross-linked aluminosilicate microstructure
with a much lower amount of hydrate groups than in AAMs [21,23,24]. The additional supply of
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reactive silica could be provided by introducing additional waste-derived raw materials, such as
recycled glass (from urban and industrial waste collection), with the obvious advantages of cost
reduction and waste management [16,25–28]. Among all the possible variants of recycled glass utilized
in geopolymerization, borosilicate glass (BSG) cullet from dismantled or discarded pharmaceutical
vials is an intriguing alternative [29], since it was demonstrated that it also provides reactive borates in
polycondensation, replacing alumina in its role in geopolymerization [30].

Despite all these recent developments, geopolymers still suffer from sudden unstable fractures
due to their extreme brittleness [31,32]. The excessive low resistance to crack initiation/propagation is
not due only to the fragility of the geopolymer product of reaction, but also to the extent of porosity
and crack production during hardening. The amount of macrodefects generated by the process could
be controlled to a limited extent through chemical (e.g., alkalinity, liquid-to-solid ratio) and physical
conditions (e.g., humidity) in curing [33–35]. Alternatively, the production of composites from a
geopolymeric matrix was extensively investigated as an effective solution to increase the fracture
toughness, due to the mechanisms of pull-out and crack bridging of dispersed fibers [36–40]. Above all,
cellulose seems to be suitable for geopolymer composites due to its chemical stability and specific
tensile strength [41–43].

Here, a comparative study carried out on the effects of chemical (alkalinity and silica-to-alumina
ratio) and physical parameters (relative humidity and soaking time) on the mechanical and
microstructural properties of geopolymers is reported. Geopolymer composites were also produced
by dispersing cellulose fibers, and the effect of fiber content was assessed in terms of bending strength,
fracture toughness (chevron notch test), and fracture micromechanisms.

2. Materials and Methods

2.1. Manufacturing of Geopolymer Samples

Fly ash, a coal combustion byproduct, from a Bohemian thermal power plant (Počerady power
plant, North Bohemia, Czech Republic) was used as a primary aluminosilicate source. The fly ash
was dry-mixed with borosilicate glass from recycled pharmaceutical vial cullet (Kimble/Kontes,
Vineland, NJ, USA) and activated with a caustic soda solution, prepared by dissolving
NaOH pellets (American Ceramic Society reagent, 97%, pellets) purchased from Sigma Aldrich
(Saint Louis, MO, USA) in distilled water. The geopolymer samples were manufactured according to 6
different formulations, in which the powder mixture (SiO2/Al2O3 ratio), the molarity of the activator,
and the curing time were modulated in order to investigate the influence of these parameters on
geopolymerization. A schematic summary of the methodology is reported in Table 1. In batches ‘Mix-1’
to ‘Mix-4’, samples were prepared by activating dry mixes of fly ash from 70 wt% to 30 wt% and
BSG from 30 wt% to 70 wt% in a 13 M NaOH solution and cured for 1 day. The samples processed
through the ‘Mix-5’ batch were based on the ‘Mix-2’ formulation and cured for 3 days, and finally,
‘Mix-6’ samples were activated using a 10 M NaOH solution. The alkali solution was added in a
sufficient amount to ensure workability to the slurry. In all the mixes, the liquid-to-solid ratio ranged
between 0.4 and 0.5. The obtained slurry was cast in rubber molds and cured at 85 ◦C. The humidity
in the samples was retained in two different ways [35]:

• Method 1: Molds were sealed in latex bags.
• Method 2: Molds were closed in an air-tightened jar with some water.
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Table 1. Summary of the methodology of preparation of the fly ash (FA) and borosilicate (BSG) based
geopolymer samples and related parameters.

Sample
Powder Mixture

(FA%–BSG%)
Molarity (M)

Curing
Time (day)

SiO2/Al2O3 α Coefficient

Mix-1 70–30 13 1 2.7 2.2
Mix-2 55–45 13 1 3.3 2.5
Mix-3 40–60 13 1 4.2 2.8
Mix-4 30–70 13 1 5.0 3.0
Mix-5 55–45 13 3 3.3 2.5
Mix-6 55–45 10 1 3.3 2.5

Irrespective of the methodologies of processing, after curing, the samples were demolded and
exposed to air for one week prior to testing in order to complete the geopolymerization.

The relative density of the samples in all the cases was calculated to be around 70%, according to
the Archimedes method (theoretical density of 2.08 g/cm3 and real density of 1.44 g/cm3 on average),
using high-purity water as a buoyant. The weighting of the specimens was carried out using a Denver
analytical balance (±0.0001 g precision).

2.2. Manufacturing of Geopolymer Composite Samples

Mix-1 was properly modified in order to combine the dry mix with cellulose fibers in different
percentages (from 1 to 3 wt%); the according weight content substitute was fly ash (from 69 wt%
to 67 wt%). The reduction of the fly ash content was not considered sufficient to effect significant
change in the properties of the material. The cellulose fibers were provided by CIUR A.s. (Brandýs nad
Labem, Czech Republic). The dry mix was then diluted in distilled water and sonicated for one hour
to guarantee homogenization of the mix and to unravel the bundles of cellulose fibers. The suspension
was dried overnight and the dry mix was activated in a 13 M NaOH solution, forming a slurry whose
liquid-to-solid ratio was between 0.8 and 0.9. The slurry was cast according to method 1 and cured at
85 ◦C for one day. As mentioned previously, the samples were demolded after curing and kept in air
for one week prior to testing.

2.3. Mechanical Testing

Flexural strength and fracture toughness were determined through a 3-point bending test and
chevron notch (CVN) test, respectively, conducted on 3 × 4 × 16 mm specimens using a ZWICK
Z50 screw-driven machine (Ulm, Germany). The CVN test was performed in a 3-point bending
configuration on specimens with a notch depth of 1 mm. The value of the fracture toughness was
calculated from the ultimate bending load according to the following formula:

KIC =
Y∗

min· F

B · W
1
2

, (1)

where F is the measured bending load corresponding to unstable crack development, Y∗
min is the

minimum of the geometry function Y∗ which is dependent on the notch depth a0 and the geometry,
B is the thickness, and W is the width of the specimen. The reliability of the chevron notch technique
for fracture toughness determination of fiber-reinforced brittle matrix composites has been probed
elsewhere [44]. The data elaboration was carried out using interquartile range (IQR) () statistics with a
whisker factor of 1.5 [45,46].

2.4. Microstructural Investigation

The microstructure was investigated through SEM microscopy with a Tescan LYRA 3 XMH FEG
equipped with an X-Max80 Energy-dispersive X-ray spectroscopy (EDS) detector for X-ray chemical
analysis. The chemical composition of the raw materials was analyzed through X-ray fluorescence
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(XRF) analysis using a RIGAKU (Tokio, Japan) ZSX100e model operating at 60 kV and 150 mA and
equipped with Wavelength-dispersion X-ray spectroscopy (WDS), an X-ray Rh tube working at 3 kW,
a scintillation counter for heavy element detection, and a gas-flow proportional counter (Ar–methane
10 %) for the detection of light elements.

3. Results and Discussion

3.1. Geopolymer Characterization

The geopolymerization process was tuned by considering the influence of the SiO2/Al2O3 ratio,
the molarity of the alkali solution, and the soaking time and humidity during curing, although the
parameters influencing the process also include the temperature of curing, nature of the alkali solution,
silica-to-alkali ratio, liquid-to-solid ratio, and so forth. The calculation of the SiO2/Al2O3 ratio was
based on the chemical composition of the raw materials, that is, fly ash and BSG glass. Table 2 reports
the chemical composition of both the raw materials.

Table 2. Chemical compositions of raw fly ash and recycled BSG glass powders.

SiO2 Al2O3 B2O3 Fe2O3 CaO K2O Na2O LOI 1 Remainder

Fly ash (wt%) 46.3 26 / 13.9 3.5 3.9 0.2 0.7 5.5
BSG (wt%) 72 7 12 / 1 2 6 / /

1 Loss of ignition (LOI)—calculated through weight loss after fly ash firing.

The four fly ash/BSG formulations (from Mix-1 to Mix-4), as described in the experimental
section, are characterized by a silica-to-alumina ratio of 2.7, 3.3, 4.2, and 5.0, respectively (Table 1).
Considering other ratios as well (silica-to-soda and water-to-soda), all the formulations fall in the
chemical ranges giving a stoichiometric geopolymer [23,24]. Interestingly, it was demonstrated in
previous studies that the utilization of BSG glass as a silicate supplier of the geopolymerization also
provides, during the dissolution stage, borate species, which eventually become part of the final
microstructure as additional building blocks, giving rise to a B–Al–Si network [30]. Boron oxide,
similarly to alumina, can be found in nature as diboron trioxide (B2O3), and dissolved borates can
display a trigonal planar (BO3) or a tetrahedral (BO4) configuration (3-fold and 4-fold configurations,
respectively). During geopolymerization, aluminates and borates concurrently rearrange in a 4-fold
configuration (with charge compensation provided by alkali ions) to condense with tetrahedral silicates
and to form the boron–alumino–silicate chains [30,47]. Due to this reason, a more refined formula of
the previous ratio is provided, also taking into account the borates’ contribution:

α =
%SiO2

%(Al2O3 + B2O3)
, (2)

For the calculation of the α-coefficient, we employed the weight percentages given by XRF analysis
(Table 2); the α-coefficients for Mix-1, Mix-2, Mix-3, and Mix-4 were calculated to be 2.2, 2.5, 2.8, and 3.0,
respectively (see Table 1).

Figure 1a reports the flexural strength values of the whole set of the tested specimens in three-point
bending. The results of the three-point bending test revealed an increase of the flexural resistance of the
geopolymers up to 50% if the α-coefficient is increased from 2.2 to 2.5. The higher amount of silicates in
the formulation, indeed, may help the formation of the more cross-linked three-dimensional network,
providing higher strength to the geopolymer. The maximum flexural strength values were observed
to decrease if the α-coefficient was increased from 2.5 to 3.0, whereas the median value of the IQR
whiskers box experienced a continuous increase and the data dispersion became narrower (Mix-3 and
Mix-4 in Figure 1a). The reason of this trend was attributed to a deterioration of the microstructure,
giving rise to a lowering of the maximum flexural strength value and to a decrease of the porosity
and crack formation, inducing a refinement of the statistic and the average flexural strength values.
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The macrodefects’ formation in the geopolymer samples could be unrelated to the changes in the
chemistry of the system.

Figure 1. Comparative study of the flexural strength of geopolymer samples in terms of
(a) silica-to-alumina ratio of the mixtures from Mix-1 to Mix-4 (2.7, 3.3, 4.2, 5.0 respectively) and
(b) molarity of the activator and curing time used for Mix-2 (13 M for 1 day), Mix-5 (13 M for 3 days)
and Mix-6 (10 M for 1 day).

A similar trend in the flexural strength is also associated with the higher molarity of the alkali
solution: Figure 1b demonstrates that an increase in molarity of the NaOH solution from 10 M
to 13 M leads to an increase of the flexural strength of geopolymer samples from 4 MPa (Mix-5)
to almost 14 MPa (Mix-2), and to a higher data dispersion. This result is discordant with those
of several prior studies, asserting that a higher amount of alkali cations hinders the condensation
of long polymeric chains, which generally gives less microstructural stability to the geopolymeric
compound [48]. The microstructural refinement is not always synonymous with the mechanical
optimization of the material, as it has to be appropriately weighted to the efficiency of other stages
of the geopolymerization, which in turn depends on other factors. One of these is the initial stage
of dissolution, where the building blocks of the polymeric structure, namely borates, aluminates,
and silicates, are provided from. The dissolution of the ionic species is strictly related to the raw
materials’ nature and the concentration of the alkali solvent. Specifically, a higher concentration of
the alkali activator yields to a better dissolution of the boron–alumino–silicate sources, improving the
degree of reaction [49,50].

The results from the three-point bending test conducted on Mix-6 samples showed that an
increased duration of exposure to the curing temperature decreases the flexural strength of the
material by up to half of the average flexural strength (Figure 1b). This drop in the bending
properties could be attributed to multiple reasons, but in general, an increase in the temperature
exposure can induce a larger shrinkage and more substantial crack formation. A comparative study
between the microstructures of the geopolymer samples tested in bending is not reported in this
work, as the samples did not show any significant differences. Evidence of the microstructure is
reported in Figure 2a, in which porosity and cracks are homogenously present everywhere, reporting a
characteristic morphology associated with hardening and shrinkage during the curing of geopolymers
featuring a high SiO2/Al2O3 ratio [12,17,51]. The amount of porosity and defects is inferable from the
calculated relative density (see the Materials and Methods section).
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Figure 2. SEM images of (a) the ‘Mix-2’ sample sealed according to method 1 and (b) the ‘Mix-2’ sample
sealed according to method 2.

In all the cases, the Mix-2 samples provide the higher bending strength, but at the same time,
larger data scattering. This is also attributed to porosity and crack formation, which are strictly related
to the amount of water in the slurry and to the methodology of sealing and amount of humidity in
the bag. For instance, a few percentages of humidity change can induce a significant variation in the
mechanical properties of the geopolymers [33].

The parametrical study of the geopolymerization as a function of humidity goes beyond the aim
of this work, but two sealing methodologies of the samples in the curing phase were tested. Method 1
involves humidity only by water evaporation of the slurry, while method 2 provides more water
to the system. The flexural results related to Figure 1 are attributed to samples cured according to
method 1. The data testing of the samples processed according to method 2 are not reported, as they
do not show any appreciable bending resistance. The microstructure of these samples was observed
by SEM microscopy and compared to the Mix-2 sample. Figure 2b revealed a deficiency in the degree
of reaction and a much lower amount of geopolymeric product in samples processed by method 2
(Figure 2b) as compared to method 1 (Figure 2a), confirming that the supply of extra water in the
curing stage hinders the geopolymerization reaction [33,35].

3.2. Geopolymer Composites

The comparative study of the fracture performance of geopolymer samples, albeit tested, were not
reported, as the CVN test gave values of fracture toughness all below 0.3 MPa·m1/2. The resistance
to the crack propagation was significantly improved with the addition of 1 wt%, 2 wt%, and 3 wt%
cellulose fibers into the geopolymeric matrix (see Materials and Methods section). Besides the fracture
resistance, the flexural strength similarly improved, as depicted in Figure 3. In all the three composite
samples, the flexural strength improved as compared to the plain geopolymer samples. The highest
flexural strength was observed with 2 wt% cellulose dispersed throughout the sample, with an average
value of 18 MPa. This value is three-fold higher than the ‘Mix-1’ value (see Figure 1a), and higher
than the flexural strength reported in the literature for an analogous fly ash-based geopolymer matrix
composite with dispersed cellulose fibers [41]. Geopolymeric composite samples with a cellulose
content exceeding 2 wt% induce a reduction of the flexural strength (Figure 3a), attributed to excessive
Na+ absorption by the cellulose fibers. The same trend was also observed for the fracture toughness,
reported in Figure 3b, in which the highest fracture resistance (0.6 MPa·m1/2) is displayed by the 2
wt% sample, with an average increase of the fracture toughness of up to 300% as compared to ‘Mix-1’
sample. The value of the fracture toughness is in line with the values reported in the literature [41].
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Figure 3. Comparative study of the mechanical and fracture performances of the cellulose fibers
geopolymer matrix composites in terms of (a) Flexural strength of samples with 1 wt%, 2 wt% and 3 wt%
of dispersed cellulose fibers and (b) fracture toughness of the geopolymer sample (Mix-1 formulation)
and geopolymer matrix composite samples (1 wt%, 2 wt% and 3 wt%).

The absorption of alkali cations (especially Na+) by the cellulose fibers is a widely known process
known as ‘mercerization’. The cellulose swells due to the interference of alkali cations between the
polymeric chains, creating electrostatic layers of positively charged Na+ ions and negatively charged
polymeric chains [52]. What is not equally reported is the absorption of other chemical elements,
which creates, in cellulose-based composites, a sort of transitional interface between the inner part of
the fiber and the matrix. Tonoli et al. [53] demonstrated the formation of a modified surface on cellulose
fibers dispersed in the cement matrix, due to Ca2+ absorption from the C–S–H network of the cement.
Previously, Merrill et al. [54] published a study reporting the sodium silicate sorption in cellulose fibers,
in which it was proved that the cellulose can also absorb silicon ions from the water glass, although to
a lower extent than sodium, involving a polycondensation with the polymeric chains.

In our geopolymer matrix samples, irrespective of the weight amount of the dispersed fibers,
cellulose was found to undertake a surface modification and a new phase formation at the interface
with the geopolymeric matrix. Figure 4a shows detail of a cellulose fiber, whose surface is clearly
modified. It is evident from the figure that the affected polymeric fibrils at the fiber surface are
rearranged in an orthogonal configuration to the geopolymer interface (see insert in Figure 4a),
whereas at the core, the fibrils are parallel to the interface line. EDS analysis was conducted to detect
the chemical species absorbed by the new phase, and the results are reported in Figure 4b. The chemical
analysis was carried out in three different zones in order to draw a conclusion regarding the elements’
absorption: zone 1—the cellulose fiber core, zone 2—the cellulose/geopolymer interface, and zone 3—
the geopolymeric matrix. In all zones, the amount of sodium was the same, whereas the silicon was
observed to be more abundant in zone 3 than zone 2, as expected. What was, however, unexpected was
a deficiency of oxygen in the modified interface (zone 2), suggesting a condensation between the
hydroxyl groups of the polymeric chains of the cellulose and geopolymer with corresponding water
release. However, this hypothesis should be supported by further spectroscopic analysis, unequivocally
demonstrating the formation of a new phase formed by organic–inorganic polymeric chains.

The presence of the new phase between the two organic–inorganic compounds can influence the
mechanisms of fracture of the composite samples. The observation of the fracture surface (Figure 5a,b)
and the polished surface (Figure 5c,d) of the geopolymer matrix samples revealed the presence of both
the mechanisms of pull-out and crack bridging. For instance, the investigation of the fracture surface
clearly evidenced that during fracture, the fibers were exposed to pull-out mechanisms from the
geopolymeric matrix (Figure 5a). This was especially highlighted by observations of delamination sites,
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such as the one reported in Figure 5b. The mechanisms of crack bridging were rather evident on the
polished surface (Figure 5c). Due to the presence of the fiber, the crack was both hindered and deflected
from the direction of propagation. However, the formation of the new phase induces also mechanisms
of fiber tearing, as shown in Figure 5d. Indeed, in some cases, the interface strength may be higher than
the resistance of the single compound, causing fiber failure instead of fiber delamination. Figure 5b
shows the remainder of a cellulose fiber in the delaminated site, suggesting an inhomogeneous nature
of this phase. Therefore, to understand the whole dynamics of failure in the geopolymer matrix
composite, a detailed investigation of the chemical nature and mechanical performance of the new
phase is required and will be the object of future work.

Figure 4. (a) SEM image of a cellulose–geopolymer interface, including a close-up of the new phase
(insert), and (b) Energy-dispersed X-ray spectroscopy (EDS) analysis of the three zones of interest.

Figure 5. Fracture and polished surface observations of the microstructure of the geopolymer matrix
composite through SEM images of (a) fiber pull-out and (b) negative site of a delaminated fiber,
(c) crack-bridging, and (d) fiber failure.
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4. Conclusions

In summary:

• Geopolymer samples incorporating fly ash and borosilicate wastes were processed using
four different formulations (Mix-1, Mix-2, Mix-3, and Mix-4), two alkali solution molarities
(10–13 M, Mix-5), and curing times (1–3 h, Mix-6) in order to evaluate the influence of these
chemical/physical parameters on geopolymerization.

• The rate of influence was assessed in terms of flexural strength. The results of the bending
test revealed that the higher flexural strength (13 MPa) was associated with the Mix-2 sample,
which was activated with a 13 M NaOH solution and cured for 1 day.

• The fracture toughness of the geopolymer was enhanced by up to 4 times when geopolymer
matrix samples including 2 wt% of cellulose fiber were processed.

• A mercerization and a surface modification of the cellulose fibers were also observed,
and EDS analysis suggested a possible chemical interaction between the organic and inorganic
polymeric chains.

• The dynamics of failure of the geopolymer matrix composite includes crack bridging,
fiber pull-out, and fiber-tearing mechanisms.
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Abstract: Over the past few years, significant progress towards implementation of environmentally
sustainable and cost-effective thermoelectric power generation has been made. However, the reliability
and high-temperature stability challenges of incorporating thermoelectric materials into modules
still represent a key bottleneck. Here, we demonstrate an implementation of the Solid-Liquid
Interdiffusion technique used for bonding Mmy(Fe,Co)4Sb12 p-type thermoelectric material to metallic
interconnect using a novel aluminium–nickel multi-layered system. It was found that the diffusion
reaction-controlled process leads to the formation of two distinct intermetallic compounds (IMCs),
Al3Ni and Al3Ni2, with a theoretical melting point higher than the initial bonding temperature.
Different manufacturing parameters have also been investigated and their influence on electrical,
mechanical and microstructural features of bonded components are reported here. The resulting
electrical contact resistances and apparent shear strengths for components with residual aluminium
were measured to be (2.8 ± 0.4) × 10−5 Ω·cm2 and 5.1 ± 0.5 MPa and with aluminium completely
transformed into Al3Ni and Al3Ni2 IMCs were (4.8 ± 0.3) × 10−5 Ω·cm2 and 4.5 ± 0.5 MPa
respectively. The behaviour and microstructural changes in the joining material have been evaluated
through isothermal annealing at hot-leg working temperature to investigate the stability and evolution
of the contact.

Keywords: solid-liquid interdiffusion (SLID) bonding; transient-liquid phase bonding (TLPB);
skutterudite; high-temperature thermoelectric material; joining

1. Introduction

Skutterudite materials with excellent high-temperature thermoelectric performance and
reasonably good mechanical properties are being extensively investigated for power generation
use, including automotive waste heat recovery [1,2] and deep space energy generation [3]. However,
a major limitation to fully realizing the potential of skutterudites and many other medium-high
temperature range thermoelectric materials is the lack of reliable, low-cost assembly technology for
robust thermoelectric generators (TEGs). The conventional thermoelectric device manufacturing
comprises of labour-intensive methodology including soldering, brazing and adhesive bonding [4]
which are limited by the thermal stability (as the braze melting temperature is normally its
re-melting temperature) and the extensive growth of reaction layers at the thermoelectric–interconnect
interfaces, causing mechanical or electrical deterioration of the entire assembly. In the conventional
skutterudite devices, metal interconnects are joined to the metallized semiconductor elements to

Materials 2018, 11, 2483; doi:10.3390/ma11122483 www.mdpi.com/journal/materials30



Materials 2018, 11, 2483

provide permanent interconnection either by the mechanical (i.e., using compression springs [5])
or chemical (i.e., solid-state diffusion bonding [6,7] or brazing [8]) methods of joining. Designing a
suitable metallization and bonding technique for the skutterudite family of compounds is particularly
difficult with the complex reactivity of their individual components, since antimony (Sb) can react with
most of the transition metals to form brittle antimonide intermetallic compounds (IMCs). Among the
many different metallization and interconnects reported, pure elements including those of transition
and refractory metals [9,10], nickel-based alloys [11,12] and metal transition silicides [13] are the
most commonly explored in a variety of skutterudite-based thermoelectric systems. Single transition
metals are proven to not be a suitable metallization for skutterudites as they usually suffer from
the intensive thermal stresses induced during the high-temperature service including a volumetric
change, associated with the phase transformation at the skutterudite–metallization interface or
components thermal expansion coefficient (CTE) mismatch. Although the recently reported Fe-Ni
low-expansion alloys exhibit exceptionally good electrical contact resistance of ~0.4 μΩ·cm2 on
(Ce1−zNdz)y Fe4−xCoxSb12 p-type material, a higher cost two-step consolidation process can be
needed due to the low density of Fe-Ni powders sintered at relatively low temperatures (~85 % of the
theoretical value) [13]. Consequently, there is an urgent need for joining processes that could maximize
thermoelectric module performance and are transferable to low-cost, high-volume manufacturing.

One promising interconnect technology for high-temperature microelectronic packaging is
solid–liquid interdiffusion (SLID) bonding [14], also called transient liquid-phase bonding (TLPB) [15],
and diffusion brazing [16]. This technique was developed in the 1970s by Duvall, et al. [17]
and constitutes a suitable alternative to high-temperature furnace brazing operations while being
commonly considered as the best alternative for solder bonding e.g., for wafer/chip stacked bonding
for advanced micro-electro-mechanical systems (MEMS) [18,19] and in sensors manufacturing [20].
The SLID bonding technique is based on binary interlayer systems comprising a high-melting-point
material, TM HIGH, and a low-melting-point material, TM LOW, which is heated to its molten state,
resulting in the formation of intermetallic compounds (IMCs) through a diffusion-reaction mechanism.
SLID bonding has been commonly explored using Sn and In as TM LOW filler systems [21–25] with
several advantages over standard solder interconnections such as outstanding thermal stability due
to increased re-melting temperature and power handling capability with current densities exceeding
the capability of solders [26]. However, SLID technology faces many limitations before industrial
implementation due to having a relatively slow and time-consuming diffusion controlled reaction
along with inherent Kirkendall voiding and shrink holes created within the bonding material [18].
While, Cu-Sn and Ni-Sn bilayers have been found to form robust IMCs with relatively high melting
points, i.e. TM (Cu3Sn) = 676 ◦C and TM (Ni3Sn4) = 794 ◦C, the possible excess of residual Sn within a
joint reduces its attractiveness in high-temperature electronic packaging. To that end, development of
new joining materials with high-temperature chemical stabilities and significant oxidation resistances
that can be utilized in thermoelectric modules manufacturing are essentially needed.

In the present work, we assess Al-Ni diffusion couples as a potential joining material for
high-temperature thermoelectric modules assembly application. Among various intermetallic
compounds, Al-Ni IMCs are associated with unique properties such as high thermal stability,
tremendous oxidation and corrosion resistance along with excellent performance in creep strength [27].
The aluminium-nickel bi-layer system has already been classified as a particularly suitable structural
energetic material used in reactive, multilayer brazing foils due to its exceptional exothermic
properties [28,29]. Encouraged by the remarkable properties of Al-Ni IMCs and the recent findings on
flux-less solid-liquid interdiffusion (SLID) bonding technique in thermoelectric manufacturing [30,31],
a new joining technique utilizing the aluminium–nickel system has been developed and is reported here.

2. Materials and Methods

Polycrystalline Mmy(Fe,Co)4Sb12 (Mm—Mischmetal, i.e., 50 at.% Ce, 25 at.% La) p-type
thermoelectric material was synthesized by placing commercial pre-alloyed powder (99.995% purity)
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inside a graphite die and then sealed with graphite punches. To uniformly distribute heat and forces
along sintered material, a graphite sheet (Erodex, Halesowen, UK) was placed between the graphite
punch and thermoelectric material. An in-situ synthesis was carried out in Spark Plasma Sintering
(SPS) apparatus (FCT HPD25, Rauenstein, Frankenblick, Germany) by applying uniaxial pressure of
50 MPa at the peak temperature of 600 ◦C for 5 min. The process was performed under a vacuum with
heating and cooling rates of 50 ◦C/min and as-resulted bulk material was 98% dense as determined by
the Archimedes principle. Afterwards, the thermoelectric material was ground to 3-mm thick discs
using a 320-grit diamond wheel and was cleaned using isopropanol and ultrasonic bath.

Subsequently, 0.3-mm thick copper plate along with as-sintered thermoelectric material were
subjected to an electroless nickel plating process with a phosphorous content of 10 wt.% resulting in the
nickel–phosphorous Ni(P) coating layer. Both substrates required different surface pre-treatments prior
to the electroless nickel plating process due to the poor adherence of the Ni(P) layer on the un-treated
skutterudite surface and the presence of a native oxide layer on copper substrates. The thermoelectric
material used an electrolytic nickel Wood’s strike comprising NiSO4·6H2O and 12M HCl electrolyte
solution to deposit a seed layer on the surface of the thermoelectric material by passing a current
with a density of 5 A/dm2 for 2 min. Copper plate was subjected to native oxides removal process
including acid cleaning, chemical etching, pre-activation dipping in 5% H2SO4, and Pd-activation
process. Afterwards, both the copper plate and thermoelectric disc were immersed in an electroless
nickel plating bath comprising of 45 wt.% NiSO4·6H2O, 25 wt.% NaPO2H2·H2O and 1 wt.% NH3·H2O.
The bath temperature was kept at 95 ◦C during the deposition process. As-prepared thermoelectric
material was cut to 2.5 × 2.5 × 3 mm rectangular-shaped legs using a diamond cut-off wheel (M1D15,
Struers, Ballerup, Denmark) and soaked in acetone to remove any organic residues. A standard
scotch tape test was performed on an as-coated thermoelectric surface to evaluate the adhesion quality
according to ASTM D3359 standard [32].

A 17 μm-thick Al foil (Goodfellow, Cambridge, UK, 99.0% purity) was incorporated between the
Ni(P) coatings on the thermoelectric pellet and the copper plate and supportive uniaxial pressure of
~0.5 MPa was applied. To provide mechanical stability within brazing jig, two symmetrical joints were
fabricated by placing a copper plate between two thermoelectric pellets at the same time, as presented
in Figure 1. Afterwards, the brazing jig was placed inside a tube furnace (Carbolite, Hope Valley, UK)
and the assembly was joined at 585 ◦C and 660 ◦C in Ar (4 L/min) with a heating rate of 7 ◦C/min.
All joined assemblies were dwelled at the peak temperature for 4.6 min and afterwards the furnace
was switched off and cooled down (at approximately 3 ◦C/min cooling rate) until the samples reached
an ambient temperature. The behaviour and microstructural changes in the joining material were
evaluated through isothermal annealing at 450 ◦C for 48 h and 96 h in flowing argon to investigate the
stability and evolution of the joint.

For the microstructural observation, specimens were mounted in conductive resin, mechanically
ground with abrasive papers and polished using 1/4 μm diamond suspension. The chemical
composition of the reaction products was characterized by high-resolution field emission gun scanning
electron microscope (FEGSEM, 1530VP Zeiss GmbH, Oberkochen, Germany) with 80 mm2 energy
dispersive X-Ray spectroscopy detector (Oxford Instruments, High Wycombe, UK) and analyzed by
Aztec EDS/EBSD microanalysis software.

The electrical contact resistance (RC) of contacting interfaces was periodically measured during
the isothermal ageing process using in-house developed four-point probe resistance measurement.
The set-up uses a Keithley 2400 (Keithley Instruments, Inc., Cleveland, OH, US) and DPP205 probe
positioner (Cascade Microtech, Inc., Beaverton, OR, USA) to measure the voltage drop across two
probes as a function of applied short current pulses. The electrical contact resistance (RC) is given by:

RC = (R1 − R0)·A (1)
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where R1, R0 are measured resistance at the metallic electrode and the thermoelectric material,
respectively, and A is a cross-sectional area of this interface. At least three measurements were
made for each specimen prepared at different joining conditions.

Figure 1. A schematic illustration of the Solid-Liquid Interdiffusion (SLID) bonding process
demonstrating the interlayer configuration and joining mechanism when specimens where joined
at 660 ◦C for 4.6 min (described as “TM LOW dissolution” and “isothermal solidification”) and when
isothermally aged at 450 ◦C for 96 h in Ar (shown as “homogenization”).

The mechanical strength of joints was assessed using specimens with the cross-sectional size
of 2.5 mm × 2.5 mm by measuring apparent shear strength using MTS Criterion 43 (MTS Systems
Corporation, Eden Prairie, MN, USA) at room temperature. The shear configuration was adapted
according to ASTM D905 standard [33] which is designed to expose the assembly to direct contact with
a shearing blade at the thermoelectric/joint interface, as depicted in Figure 2a,b. A shear load was
applied by moving the blade perpendicularly to the longitudinal axis of the specimen with a speed of
0.2 mm/min. The apparent shear strength was calculated by dividing the maximum force applied by
the joining area of at least two specimens of different joining conditions.

Figure 2. Configuration used for mechanical strength evaluation showing: (a) Photograph of sample
clamped in the shear test fixture and (b) schematic illustration of the specimen and shear test
configuration adapted from ASTM D905 standard [24]; the thermoelectric leg length is 3 mm, the copper
Ni(P) interconnect is 0.3 mm thick and the contact thickness are ~30 μm. The shearing blade makes
contact with the thermoelectric material ≤ 0.3mm from the contact.

3. Results and Discussion

3.1. Evolution of Microstructure Morphologies

Off-the-shelf Mmy(Fe,Co)4Sb12 p-type thermoelectric material (with zT AVG = 0.2 measured
between 30 ◦C and 450 ◦C) was used in this study, with thermoelectric performance significantly
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lower in comparison to similar compositions previously reported [34]. Commercially available
material was used as it is available to be reproduced in the high volume needed for joining trials
and this bonding technique is expected to be transferable to other similar skutterudite material
compositions. In order to test the feasibility of solid–liquid interdiffusion bonding, Ni(P) coating on
p-type skutterudite and copper interconnect was introduced. Phosphorous content in the coating
was 18 at.% which, as reported in the literature [35], results in the mixture of amorphous and
microcrystalline microstructure. The as-deposited 14 μm-thick Ni(P) layer shows good adherence
to the thermoelectric material (4B-level according to ASTM D3359 standard [32]) and is commonly
used as a diffusion barrier on copper substrates in semiconductors manufacturing. It has been
reported, that due to the lack of high-temperature thermal stability of skutterudites and metal
interconnects, implementing an additional diffusion barrier is needed [9,36]. Fundamental research
on high-temperature stability between CoSb3-based thermoelectric material and Ni interconnect
conducted by Chen, et al. [37], revealed extensive growth of reaction layers, i.e., (Co,Ni)Sb and Ni5Sb2

phases at the skutterudite–nickel interface. In spite of the above-mentioned issues arising from the
Ni/CoSb3 high-temperature instabilities, no diffusion barrier was implemented as it is beyond the
scope of this paper. In this research, the bonding process is designed so that layers of Ni(P)-Al-Ni(P) at
the temperature of molten aluminium (TM LOW) undergo solid–liquid interdiffusion reaction leading to
the formation of intermetallic compounds (IMCs) through a diffusion-reaction mechanism (Figure 1).
Based on the phase diagram [38], there are five thermodynamically stable intermetallic compounds
existing in the Al-Ni binary system but Al3Ni and Al3Ni2 phases are the only two expected to be found
in the reactive diffusion zone in both solid–solid and solid–liquid, nickel-aluminium interfaces [39,40].
To achieve the subject of this study for maintaining a single Al3Ni2 phase between two Ni layers,
we calculated, based on the following equation, the initial thickness of Ni needed for 17 μm-thick Al foil:

tNi
tAl

=
2MNi/ρNi
3MAl/ρAl

(2)

where t are the thicknesses of both nickel and aluminium layers, M are the atomic weights and ρ are
elemental densities, i.e., 8.9 g/cm3 and 2.7 g/cm3 of Ni and Al, respectively. However, deviations from
the theoretical model were expected as Ni(P) instead of pure nickel was used in this study. According
to Equation (2), a symmetrical joint consisting of two 3.75 μm-thick Ni(P) layers and 17 μm-thick Al
foil (Figure 1) should be enough to maintain a single Al3Ni2 phase. While it would be advantageous to
completely consume the nickel layer to avoid any subsequent reaction with the skutterudite material,
initial experiments indicated that an excess of nickel is required, as any excess aluminium can react
with the thermoelectric to form the wider band gap [41] aluminium antimonide, increasing the contact
resistance. Moreover, elemental nickel is also consumed by the formation of intermetallic compounds
(IMCs) at the skutterudite–Ni(P) interface and its consumption at the interconnection side caused by
the significant Cu solubility in Ni [42] at all concentration ranges. Therefore, thicker than calculated
Ni(P) layers were deposited.

Based on the cross-sections of the joints, a 6 μm-thick Co-Ni-Sb reaction layer at the
Ni(P)–skutterudite interface can be observed at different bonding conditions (Figure 3a,b) and stays
unchanged after isothermal ageing at 450 ◦C for 96 h (Figure 3c). Based on EDS analysis, the
reaction layer is composed of Co—44 at.% Ni—52 at.% Sb which is consistent with results of Ref. [37].
The joining process was performed at two different temperatures, i.e., 585 ◦C (≤ TM LOW) and 660 ◦C
(=TM LOW) and the resulting joints’ microstructure can be seen in Figure 3a,b. It is clear that joining at
585 ◦C is not sufficient for complete phase transformation, as some residual aluminium at the joined
interface can be found, and the only formed IMC is Al3Ni2 (40 at.% Ni and 60 at.% Al) as identified by
EDS analysis (Figure 3a). It is believed, that during the heating of the assembly, connected metallic
interfaces form a solid solution until its saturation and, as expected, the formation of IMCs through
the solid-state diffusion process occurs slower compared to that of the solid–liquid kinetic.
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Figure 3. Cross-sectional microstructure of the skutterudite–interconnect interfaces bonded at
(a) 585 ◦C; (b) 660 ◦C and (c) 660 ◦C and isothermally aged at 450 ◦C for 96 h, under flowing Ar,
with the Co-Ni-Sb reaction layer marked in red. The high magnification image of Ni(P)–Al3Ni2
interface can be found in the Supplementary Materials (Figure S1).

A complete transformation of aluminium filler is observed at a joining temperature of 660 ◦C as
two distinct IMCs, i.e., Al3Ni2 (38 at.% Ni and 62 at.% Al) near the Ni(P) coating and Al3Ni (24 at.%
Ni and 76 at.% Al) in the centre line can be found (Figure 3b), which is consistent with other studies
performed on non-thermoelectric, aluminium–nickel diffusion couples [39,43].

A kinetic model was used to explain Al3Ni2 IMCs growth behaviour and to determine the process
heating profile. Considering the joint design based on two nickel-based layers to be contacted with
17 μm-thick aluminium foil, the transition time was calculated based on the formation of Al3Ni2 at the
expense of 7.5 μm of Ni(P) deposit. The thickness of the resulting bonding layer was calculated from
the following equation:

tAl3 Ni2 =
MAl3 Ni2
ρAl3 Ni2

× tAlρAl
3MAl

(3)

where t are the thicknesses of both aluminium and the resulting Al3Ni2 IMCs layer, M are the atomic
weights and ρ are the elemental densities, i.e., 4.7 g/cm3 Al3Ni2 phase. According to Equations (2)
and (3), from the consumption of 7.5 μm Ni (P) from both exposed joined surfaces and 17 μm-thick Al
foil, a final joint with a 24 μm-thick Al3Ni2 layer is expected. As shown in Figure 3b, the 28.6 μm-thick
joint is thicker than its theoretical estimation which might be induced by the formation of a two-phase
bonding region (Al3Ni + Al3Ni2). The parabolic equation based on Fick’s diffusion law was used to
determine the bonding conditions as follows:

X(t, T) = k × tn (4)

where X is the average thickness of the intermetallic compound, t is the joining process time, T is the
bonding temperature, k is the constant rate, and n is a time exponent. In addition, the temperature
dependence of reaction rate k can be expressed by the following Arrhenius relationship:

k = k0exp
(
− Q

RT

)
(5)

where k0 is the frequency factor, R is the Boltzmann constant, and Q is the activation energy for
the growth of the designed Al3Ni2 phase. According to Tumminello, et al. [44], the two empirical
parameters attributed to Al3Ni2 phase growth, k and n are 8.5 × 10−8 m/s and 0.844, respectively.
Based on Equations (4) and (5), complete transition to the Al3Ni2 phase can be achieved within
4.6 min, which was used in the experiment. One of the attributes of the SLID bonding process is that
both solid–liquid and solid–solid diffusion mechanism play the key roles in isothermal solidification,
which makes a process more time consuming than standard soldering [45]. However, due to the high
diffusivity of solid nickel in molten aluminium [46], a combination of Al-Ni diffusion couple is a good
choice, making the joining process as fast as 4.6 min. Additionally, the resulting IMCs, Al3Ni and
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Al3Ni2 are characterized with higher than initial re-melting temperature with values of 854 ◦C and
1133 ◦C, respectively [38].

In order to investigate the microstructural evolution of the fully transformed contact, isothermal
ageing on the assembly joined at 660 ◦C was performed and the cross-sectional view of that
microstructure can be seen in Figure 3c. Isothermal ageing was proven to promote homogenisation
within the bond line as a reduction of the Al3Ni phase in favour of growing Al3Ni2 was observed.
It is believed that during the homogenisation process, excess nickel from Ni(P) is causing unstable
Al3Ni phase continual conversion into Al3Ni2 IMCs through grain boundary diffusion, which may
influence the joint’s thermal stability, as the Al3Ni2 phase has a higher melting point than Al3Ni
IMC. The residual phosphorous was accumulated at the Al3Ni2 / Ni(P) interface as a result of
Ni depletion from the Ni-P coating due to the formation of desirable Al3Ni2 IMCs. The high
magnification image of the Ni(P)–Al3Ni2 interface can be found in the Supplementary Materials
(Figure S1). Additionally, Kirkendall voids are found within the two-phase region (Al3Ni + Al3Ni2),
representing a surface fraction of 4.4%, although some of these are believed to be induced by pulling
out the brittle intermetallic grains during the polishing process and might not affect the joining
process itself.

3.2. Electrical Contact Resistance (RC) Evaluation

According to Ref. [47], in order to maintain >80% thermoelectric material efficiency in the working
device, the electrical contact resistance (Rc) at the thermoelectric–metal contacts needs to be at least
less than 30% of the total thermoelectric leg resistance (assuming no thermal contact resistances). By
considering one thermoelectric pellet dimension of 2.5 × 2.5 × 3 mm and the electrical resistivity
of Mmy(Fe,Co)4Sb12 p-type thermoelectric material of 7.59 μΩ·m (measured by four-point probe
resistivity at room temperature), the electrical contact resistance should be < 6.8 × 10−5 Ω·cm2 in
order to achieve the high module performance promised by the material measurements. The contact
resistance (Rc) of assemblies joined at 585 ◦C and 660 ◦C was measured to be (2.8 ± 0.4) ×·10−5

Ω·cm2 and (4.8 ± 0.3) × 10−5 Ω·cm2 respectively, which contribute approximately 12% and 21% to
the total Mmy(Fe,Co)4Sb12 p-type thermoelectric pellet resistivity. Moreover, the electrical resistivity
of thermoelectric leg was measured using the same technique and showed negligible changes in
the material electrical performance after the SLID bonding process. The evolution of the electrical
performance during isothermal ageing at 450 ◦C in flowing Ar, as depicted in Figure 4c, shows that
high-temperature degradation leads to the Rc increase by 370% and 68% within 96 h for assemblies
joined at 585 ◦C and 660 ◦C respectively, which is likely caused by the Al-Ni phase transformation
within the joint and a partial Ni(P) delamination from the skutterudite material as observed in SEM
images (Figure 3c).

3.3. Mechanical Strength Evaluation

The mechanical strength of bonded specimens was evaluated by measuring apparent shear
strength at room temperature adapted to the ASTM D905 standard [33]. As shown in Figure 5a,
the apparent shear strength of 5.1 ± 0.5 MPa and 4.5 ± 0.5 MPa was achieved for specimens
joined at 585 ◦C (≤ TM LOW) and 660 ◦C (= TM LOW) respectively. Taking into account that the
mechanical properties of skutterudite–metallic interconnects are rarely reported in the literature,
and the mechanical strength depends on several variables, i.e., measurement set-up configuration, it is
challenging to quantitatively compare to other high-temperature thermoelectric junctions previously
reported. Nonetheless, according to Ref. [48], the maximum bonding strength of 13.2 MPa was
achieved in low-temperature (Pb, Sn) Te/Cu layers bonded by solid–liquid interdiffusion (SLID) using
In-Ag system, suggesting that low mechanical reliability of IMCs-based joints might cause failure in
long-term operations, thus requiring further improvement.
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Figure 4. (a) Schematic illustration of four-point probe resistance set-up equipped with a scanning
probe moving across the surface (x) where the contact resistance (Rc) is defined as the ratio of voltage
drop across the contact to the current pulse applied to a pair of contacts; the graph below shows Rc

measurement of the skutterudite specimen bonded at 660 ◦C for 4.6 min and (b) Rc evolution of metal
interconnect–Mmy(Fe,Co)4Sb12 p-type contacts as a function of isothermal ageing time. Note: As-joined
contacts are denoted as ‘0 hours’ specimens.

Figure 5. Mechanical performance of bonded specimens: (a) Apparent shear strength of interconnect–
Mmy(Fe,Co)4Sb12 interfaces formed at different joining temperature and (b) the schematic illustration
with fracture mode of sheared assembly marked in red.

Scanning electron microscope along with EDS analysis was performed to observe the fractured
interface and to understand the possible failure mode occurring within contacts, as presented in
Figure 6a,b. The fracture seems to propagate in the mixed mode, along or very close to the Ni(P)–Al3Ni2
intermetallic interface and within the joining area (as schematically shown in Figure 5b) as the three
distinct regions of Ni(P), Al3Ni2 and Al3Ni can be detected by the EDS elemental mapping images.
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Figure 6. (a) Top-view of fractured Mmy(Fe,Co)4Sb12 surface after apparent shear strength testing;
(b) red circle presents the enlarged area shown in (a), along with elemental mapping of Al, P and Ni
obtained by EDS analysis (c).

4. Conclusions

It has been shown that Solid-Liquid Interdiffusion (SLID) is a possible technique for bonding
metallic interconnects with Mmy(Fe,Co)4Sb12 p-type thermoelectric material using aluminium–nickel
multi-layered system. Bonding parameters were found to create contacts with a final microstructure
falling in the two-phase region comprised of Al3Ni and Al3Ni2 intermetallic compounds.
High-temperature reliability and microstructural changes in the joining material have been evaluated
in terms of isothermal ageing at 450 ◦C in flowing Ar, showing that the homogenisation process
leads to the reduction of the Al3Ni phase in favour of growing Al3Ni2. In addition, it can be
observed that avoiding residual aluminium in the joint by using a higher process temperature
is advantageous for improved stability. Although joined components keep their integrity during
the high-temperature isothermal ageing, further work is needed to test long term thermal stability
including analysis of the potential influence of CTE mismatch of the constituent elements and thermal
cycling of prototype modules. Moreover, as the formation of the (Ni, Co) Sb reaction layer at the metal
interconnect–skutterudite interface cannot be avoided, implementation of an additional diffusion
barrier is still needed.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/11/12/2483/s1,
Figure S1: (a) Cross-sectional microstructure of the skutterudite–interconnect interfaces bonded at 660 ◦C and
isothermally aged at 450 ◦C for 96 h, under flowing Ar; (b) red circle presents the enlarged area shown in (a) with
a high magnification Scanning electron microscope (SEM) image of the Ni(P)–Al3Ni2 interface.
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Abstract: A new technique for the production of glass foams, based on alkali activation and gel
casting, previously applied to soda-lime glass, was successfully extended to boro-alumino-silicate
glass, recovered from the recycling of pharmaceutical vials. A weak alkali activation (2.5 M NaOH or
NaOH/KOH aqueous solutions) of fine glass powders (below 70 μm) allowed for the obtainment
of well-dispersed concentrated aqueous suspensions, undergoing gelation by treatment at low
temperature (75 ◦C). Unlike soda-lime glass, the progressive hardening could not be attributed to
the formation of calcium-rich silicate hydrates. The gelation was provided considering the chemical
formulation of pharmaceutical glass (CaO-free) to the formation of hydrated sodium alumino-silicate
(N-A-S-H) gel. An extensive direct foaming was achieved by vigorous mechanical stirring of partially
gelified suspensions, comprising also a surfactant. A sintering treatment at 700 ◦C, was finally applied
to stabilize the cellular structures.

Keywords: glass recycling; alkali activation; gel casting; glass foams

1. Introduction

The recovery of glass from differentiated urban waste collection is undoubtedly favourable, for the
significant savings in raw materials and energy consumption upon melting (pre-formed glass act as
a flux for the reaction of mineral raw materials) [1] but it must face important limitations. In fact,
an ‘ideal’ recycling, corresponding to a complete reuse of glass cullet in the manufacturing of the
original glass articles, technically known as ‘closed loop recycling’, is far from being feasible. It was
estimated that the saving in embodied energy (energy to be committed to create a mass of usable
material) using recycled material instead of ‘virgin’ raw materials is about 20% for glass, whereas it
approaches 90% for aluminium [2].

The controversy of glass recycling basically concerns the quality of glass articles which may
be significantly degraded, when employing not properly purified glass cullet [3,4]. Crushed glass,
from municipal waste collection, is typically subjected to an expensive and difficult sorting step, aimed
at separating glass pieces with different colours and removing metal, plastic or ceramic impurities,
before being considered as a real alternative to minerals. Glass fractions, in which these impurities
are concentrated, are still landfilled [5]. Even in the case of limited impurities, some glass may
be discarded, if the original glass articles are no longer produced, as in the case of glasses from
dismantled cathode ray tubes (TV and PC screens abandoned CRT technology more than a decade

Materials 2018, 11, 2545; doi:10.3390/ma11122545 www.mdpi.com/journal/materials42



Materials 2018, 11, 2545

ago) [6]. Additional difficulties arise with glass articles deriving from a quite complex processing
chain, like pharmaceutical vials: highly chemically stable boro-alumino-silicate containers are typically
manufactured by thermo-mechanical processing of an intermediate product (glass tube), produced
elsewhere [7].

The difficulties in the direct recycling of glass open the way to ‘open loop recycling’ applications,
when glass is considered as a raw material for articles different from the original ones [6]. In this
context, a fundamental challenge concerns the value of the new articles: the use of glass as simple
sintering aid, in limited quantities, in several types of ceramics, although successful (waste-derived
ceramics actually benefit from the chemical stability of pharmaceutical glass [6]), may configure just a
‘down-cycling’ option. Products maximizing the content of recycled glass, placed in an advantageous
market ‘niche’, like glass foams [5,6], may configure, on the contrary, as an ‘up-cycling’ option, a truly
profitable way of reusing discarded materials.

The value of glass foams (or cellular glasses) is expressed by the distinctive set of properties,
since they exhibit high strength-to-density ratios, high surface area, high permeability, low specific
heat, high thermal and acoustic insulation combined with high chemical and thermal resistance
(e.g., unlike polymer foams, glass foams are non-flammable and flame resistant) [8]. The value could
be even maximized by optimization of the manufacturing process: in fact, while an energy-demanding
melting process is avoided, exploiting the viscous flow sintering of glass powders, at much lower
temperatures, the cost and the environmental impact of additives (‘foaming agents’), aimed at releasing
gas (by oxidation or decomposition reactions) during sintering, are still disputable [9].

A substantial change in the approach to glass foams is offered by the separation of foaming and
sintering steps, obtainable by gel casting technology [10], that may be applied to solutions (from sol-gel
processing) [11], as well as to suspensions of glass powders [12,13]. Air bubbles are incorporated by
intensive mechanical stirring, with the help of surfactants, forming a cellular structure, stabilized firstly
by the progressive hardening (‘gelation’) of the starting slurry and secondly by the sintering treatment.
Unlike conventional glass foams, foams from gel casting may keep the open-celled morphology
achieved in the foaming step, of fundamental importance in high value applications, such as bone
tissue engineering [12,13].

Recent investigations were focused at adjusting the gel casting technology to foams from recycled
glasses in an ‘up-cycling’ perspective. Instead of deriving from expensive organic polymerization
(due to the addition of monomers, cross-linkers and catalysts), used for biomaterials [12,13] gelation of
glass slurries was achieved simply by alkali activation. As shown by Rincon et al. [5] for soda-lime
glass, glass slurries in alkaline media (KOH aqueous solutions) exhibited a marked pseudoplastic
behaviour, due to the formation of C-S-H (calcium silicate hydrated) gel at the surface of glass particles.
At low shear rate, the gel could ‘glue’ the particles, trapping many air bubbles (incorporated upon
intensive mechanical stirring, at high shear rate), at low temperature. Sintering could be performed
at 700–800 ◦C, far below the temperatures used for soda-lime glass-based foams, produced with
foaming agents.

The proposed ‘inorganic gel casting’ process was successfully applied to other glasses, also for
the obtainment of glass-ceramic foams [14–16]. More precisely, the alkali activation of glass powders
was followed by sinter-crystallization, consisting of viscous flow sintering of glass with concurrent
crystallization. The precipitation of crystals, by enhancing the apparent viscosity of the glass mass
during sintering, was significant in ‘freezing’ the open-celled structure, developed at low temperature.
Soda-lime glass, on the contrary, experienced a ‘reshaping’ of pores, owing to the decomposition of the
same hydrated compounds [5]. In all cases, the hardening could be attributed to the formation of a
C-S-H gel (clearly visible by FTIR spectroscopy).

The investigation here presented was essentially aimed at extending the inorganic gel casting
approach to glass foams with the above mentioned boro-alumino-silicate pharmaceutical glass known
to feature a very limited CaO content and thus expected to lead to different gels [17]. In particular, the
alkali activation was expected to lead, instead of a ‘tobermorite-like’ (C-S-H) gel, a truly ‘zeolite-like’ gel,
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determined by the bridging of [SiO4] and [AlO4] tetrahedra, in analogy with the usual alkali-activated
materials generally known as ‘geopolymers’ [18]. The significant content of boron oxide was reputed as
favourable, since it is well known to contribute to ‘zeolite-like’ networks in the form of [BO4] units [19].
Although still of not completely clear origin, the gelation effectively occurred with the manufacturing
of open-celled glass foams possessing good strength-to-density ratios and a good ‘tunability’ of the
microstructure according to the processing conditions.

2. Materials and Methods

Pharmaceutical boro-alumino-silicated glass (later referred to as ‘BSG’; chemical composition [17]:
SiO2 = 72 wt %, Al2O3 = 7 wt %, B2O3 = 12 wt %, Na2O = 6 wt %, K2O = 2 wt %, CaO = 1 wt %,
BaO < 0.1 wt %) from crushed discarded vials, provided by the company Stevanato Group (Piombino
Dese, Padova, Italy), was used as starting material.

Fine powders, after preliminary dry ball milling (Pulverisette 7 planetary ball mill, Fritsch,
Idar-Oberstein, Germany) and manual sieving (<75 μm), were cast in aqueous solutions containing
2.5 M NaOH or 2.5 M NaOH/KOH (reagent grade, Sigma-Aldrich, Gillingham, UK) for a solid loading
of 68 wt %. The glass powders were subjected to alkaline attack for 4 h under low speed mechanical
stirring (500 rpm). After alkaline activation, the obtained suspensions of partially dissolved glass
powders were poured in closed polystyrene cylindrical moulds (60 mm diameter) and dried at 75 ◦C
for 4 h.

Partially dried suspensions were added with 4 wt % Triton X-100 (polyoxyethylene octyl phenyl
ether—C14H22O(C2H4O)n, n = 9–10, Sigma-Aldrich, Gillingham, UK) and then foamed by vigorous
mechanical mixing (2000 rpm). ‘Green’ foams were demoulded after a second drying step (at 75 ◦C,
for 24 h) and fired at 700 ◦C for 1 h with a heating rate of 10 ◦C/min. For comparison purposes,
some samples were produced by replacing Triton X-100 with Tween 80, a polyoxyethylene sorbitan
monooleate—C64H124O26 (VWR BDH Prolabo, Milan, Italy) or an inexpensive ionic surfactant sodium
lauryl sulphate (SLS; CH3(CH2)11OSO3Na (Carlo Erba, Cornaredo, Milan, Italy) in an aqueous solution
1/10 in weight.

Selected samples, in the hardened and in the fired state, were subjected to Fourier-transform
infrared spectroscopy (FTIR, FTIR model 2000, Perkin Elmer Waltham, MA, USA), nuclear magnetic
resonance (NMR) spectroscopy and X-ray diffraction (XRD) analysis. NMR analysis consisted of 29Si,
27Al and 11B studies: 29Si and 27Al spectra were collected on a Bruker AVANCE III spectrometer 300
(Bruker, Karlsruhe, Germany, magnetic field of 7.0 T corresponding to 29Si and 27Al Larmor frequencies
of 59.623 and 78.066 MHz respectively) equipped for solid-state analysis in 4 mm diameter zirconia
rotors. The magic angle was accurately adjusted prior to data acquisition using KBr. 29Si chemical
shifts were externally referenced to solid tetrakis(trimetylsilyl)silane at –9.8 ppm (in relation to TMS)
and 27Al chemical shifts were externally referenced to AlCl3·6H2O (0 ppm). The quantitative 29Si
single-pulse experiments were collected at a spinning frequency of 6 kHz, a recycling delay of 100 s
and 2000 transients. 27Al experiments were collected at a spinning frequency of 13 kHz with a recycle
time of 2 s. About 4000 scans were needed using a single pulse experiment.

11B NMR spectra were obtained using a Bruker Avance-500 spectrometer (Bruker, Karlsruhe,
Germany), magnetic field of 11.7 T corresponding to 11B, Larmor frequencies of 160.462 MHz equipped
for solid-state analysis in 4 mm diameter zirconia rotors. 11B chemical shifts were externally referenced
to B(OAc)3 (3.0 ppm). The quantitative single-pulse experiments were collected at a spinning frequency
of 14 kHz, a recycling delay of 5 s and 400 transients.

The mineralogical analysis was conducted on powdered samples by means of X-ray diffraction
(XRD) (Bruker D8 Advance, Karlsruhe, Germany), using CuKα radiation, 40 kV, 40 mA, 2θ = 10–70◦,
a step size of 0.02◦ and a counting time of 2 s, with a position sensitive detector (LinxEye, Bruker AXS,
Karlsruhe, Germany). The phase identification was completed using the Match! programme package
(Version 1.11, Crystal Impact GbR, Bonn, Germany), supported by data from the PDF-2 database
(ICDD-International Centre for Diffraction Data, Newtown Square, PA, USA).
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The morphological and microstructural characterizations were performed by scanning electron
microscopy (FEI Quanta 200 ESEM, Eindhoven, The Netherlands).

The geometric density of both hardened foamed gels and fired glass foams was evaluated by
considering the mass to volume ratio. The apparent and the true density were measured by using a
helium pycnometer (Micromeritics AccuPyc 1330, Norcross, GA, USA), operating on bulk or on finely
crushed samples, respectively. The three density values were used to compute the amounts of open
and closed porosity.

Finally selected foams were subjected to compression and bending tests, employing samples
of about 10 × 10 × 10 mm3 and of about 43 × 4 × 3 mm3, respectively, cut from larger specimens.
Compression tests were applied by using an Instron 1121 UTS (Danvers, MA, USA) machine, with a
crosshead speed of 1 mm/min (each data point corresponding to 10–12 samples). Bending tests
were done on 3 × 4 mm2 specimens section by using Zwick/Roell Z50 machine (Ulm, Germany),
operating in 3–4 point configuration (span = 16 mm and 40 mm, respectively), with a crosshead speed
of 10 μm/min (each data point corresponding to 10 samples).

3. Results and Discussion

As previously mentioned, the alkali activation determined the gelation of glass suspensions
exploited for low temperature foaming, shown in Figure 1.

FTIR spectroscopy was considered as the first step in investigating the nature of the developed
gel. Compared to the patterns for the as received glass and for the foam after firing at 700 ◦C,
the pattern for alkali activated BSG features limited differences, as illustrated by Figure 2 (although
similar in behaviour, we report data only for the foams produced with an activating solution of 2.5 M
NaOH/KOH, exhibiting the clearest FTIR pattern). In all spectra, the most intense band is centred
around 1000–1050 cm−1 corresponding to tetrahedral stretching modes of two types of bridges, such as
Si–O (Si) and Si–O (Al) [20]. The main band is accompanied by two broad shoulders, one at around
1200 cm−1 (S1), attributed to asymmetric stretching of B–O bonds in trigonal BO3, the other at around
900 cm−1 (S2), assigned to stretching vibrations of B–O bonds in BO4 tetrahedral unit [21,22].

 

Figure 1. Morphology of foams in the ‘green’ state (before firing): (a) NaOH/KOH activation;
(b) KOH activation.

The alkali activation, determining some broadening and downshifting of the main band,
is interpreted as effects of the formation of a gel with mixed ions (in geopolymers, the band
displacement is correlated with an increase of Al or B in the network structure [23]). The band
at 900 cm−1, ascribable to the amount of boron in tetragonal configuration, visibly increased in
intensity passing from the as received state to the activated and fired states. The bands around 800 and
1400 cm−1, attributed to the B–O bond bending vibration and asymmetric stretching vibration of the
BO3 trigonal units, respectively [24–26], slightly decreased in intensity in the hardened foam.
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Exclusively in the hardened foams, some additional bands were ascribed to the formation of
silanol groups (SiOH) and incorporation of molecular water (SiO-H stretching at around 1600 cm−1,
bending vibration of H2O at 1650 cm−1, to stretching vibration of H2O at 3430 cm−1 [21]). Finally,
the band at about 2800 cm−1 was attributed to C-H2 stretch vibrations from the surfactant (undergoing
complete decomposition upon heating) [5].
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Figure 2. Fourier transform infrared (FTIR) analysis of boro-alumino-silicated glass (BSG) in the
as received state, after alkali activation (in ‘green’ foams, NaOH/KOH activation) and after firing
(in final foams)

The X-ray diffraction analysis (although performed with a position sensitive detector, yielding
a distinctive high signal-to-noise ratio), shown in Figure 3, clarified only partially the gel nature.
Considering that the patterns are nearly identical independently from the state (as received, hardened
and fired), we can conclude that the gel was mostly amorphous and in limited quantities, unlike the
case of soda-lime glass and other CaO rich glasses [5,14–16], for which the shape of typical amorphous
‘halo’ of glasses had significant modifications (i.e., clearly visible 2θ displacements). The pattern of the
green sample after NaOH activation actually features some weak peaks consistent with the formation
of crystalline N-A-S-H (sodium alumino-silicate hydrated) phases, such as gmelinite (PDF#38-0435),
fajausite (PDF#38-0238) and paragonite (PDF#42-0602), although some uncertainties remain, testified
by the arrows in Figure 3. Whereas the not perfect match in the position of fajausite (2θ ~ 27◦) main
peak could be justified by formation of solid solutions, no phase was compatible with the peak at
2θ ~ 39.5◦. Interestingly, both gmelinite and fajausite are zeolites [27].

Samples from NaOH/KOH, for which the formation of a zeolitic gel could not be evaluated even
as ‘probable’ (from mineralogical analysis), were subjected to NMR studies, which led to interesting
observations on the coordination of Si, Al and B ions, caused by the alkali activation and kept in
the material after firing. In particular, from the 29Si spectra in Figure 4a, we can observe that BSG
in the initial state presented a peak centered at about −105 ppm, composed by two equivalent
peaks at −107.4 ppm and −101.7 ppm consistent with a mixed glass network (pure silica glass
exhibits a peak centered at about −110 ppm, attributed to Q4 silicons, SiO4 [28,29]). The formation
of silanol groups, observed with FTIR in the alkali activated BSG, is confirmed by the study of the
deconvoluted broadened spectrum (Figure 4b) that show the presence of three peaks at −109.3, −103.5
and −90.6 ppm. The presence of the peak at higher chemical shift can be attributed to the new hydrated
specie SiO2(OH)2 that is known to provide signals at ca −89 ppm [29]). The quantitative analysis
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shows that the peak intensity at −109.3 ppm (Q4 silicons, SiO4) decreases almost the same amount of
the peak at −90.6 ppm while the peak at 103.5 remains constant. The peak returned quite symmetrical
after firing, which caused dehydration; it is composed by two again equal peaks at −105.63 ppm
and −99.66 ppm but with increased upshifting respect the initial state, compared to pure silica glass,
attributed to the incorporation of AlO4 and BO4 units (as observed in geopolymers, the chemical shifts
decrease with increasing Al/Si ratio with the formation of Q4 (1Al) species [30]).
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Figure 3. Mineralogical analysis of the studied materials.
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Figure 4. 29Si NMR studies of BSG glass: (a) comparison of spectra in the as received state, after alkali
activation (in ‘green’ foams, NaOH/KOH activation) and after firing (in final foams); (b) deconvolution
analysis: blue lines, from experimental spectra, overlap with fitted curves, in red.

47



Materials 2018, 11, 2545

In Figure 5a, the 27Al spectra reveal a slight change in the coordination of aluminium ions,
passing from the as received state to the hardnened and fired states: the main peak became more
symmetrical, at about 47 ppm, likely due to an increase of tetrahedral coordination (signals for 5- and
6-fold co-ordinations are known to prevail at lower chemical shifts [31]).

Finally, a more significant evidence of the structural transformation with alkali activation and
firing was provided by 11B NMR spectroscopy, as shown in Figure 5b. In BSG, boron oxide evidently
acts as network former in a double configuration, forming BO3 as well as BO4 units, the latter
made possible by charge compensation with surrounding alkali ions, like in the case of AlO4 units.
The two configurations, trigonal and tetrahedral, were maintained with alkali activation and firing
but with a different balance. Consistent with the FTIR observations, the tetrahedral coordination was
promoted [19].
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Figure 5. 27Al (a) and 11B (b) Nuclear magnetic resonance (NMR) studies BSG glass in the as received
state, after alkali activation (in ‘green’ foams, NaOH/KOH activation) and after firing (in final foams).

We can posit, at the end, that alkali activation led to a complex amorphous hydrated gel with a
boro-alumino-silicate structure (embedding alkali, for charge compensation), amorphous or slightly
crystalline; the related spectroscopic signals were weak, due the limited dissolution of the starting
glass. The firing treatment, besides causing dehydration, determined an ‘absorption’ of the gel in the
molecular structure of BSG: extra Na+ and K+ ions from the activating solutions were incorporated in
the glass structure in the formation of extra BO4 and AlO4 units.

The open-celled morphology obtained in the ‘green’ state was confirmed upon firing, for both
activating solutions, as shown by Figure 6a,b. The adopted firing temperature was evidently too
low for a substantial softening of BSG, 700 ◦C being the minimum temperature for the sintering of
the specific glass (an optimum temperature for glass sintering can be estimated as 50 ◦C above the
dilatometric softening temperature [32], which is 650 ◦C for BSG [17]). In addition, the limited amount
of hydrated phase prevented the foams from a secondary foaming and reshaping of pores (observed
for soda-lime glass [5]); the release of water vapour is the likely reason just for small micro-sized pores
(darker spots) visible on the surface of struts (Figure 6c,d).
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Figure 6. Morphology of BSG-derived glass foams (surfactant: Triton X-100): (a,c) NaOH activation;
(b,d) NaOH/KOH activation.

Table 1 shows that the produced foams exhibited a remarkable compressive strength,
considering the open-celled structure. According to the well-known Gibson-Ashby (GA) model [33],
the compressive strength of cellular solid, σc, depends on the relative density (ρrel = 1 − P, where P is
the total porosity), as follows:

σc ≈ σbend · f(Φ,ρrel) = σbend · [C·(Φ·ρrel)
3/2 + (1 − Φ)·ρrel], (1)

where σbend is the bending strength of the solid phase, C is a dimensionless calibration constant
(∼0.2) and f is a ‘structural function’. The quantity (1 − Φ) expresses the mechanical contribution of
solid positioned at cell faces, reasonably limited when open porosity is dominant. If we neglect this
contribution (Φ ∼ 1), the observed compressive strength could be correlated to a bending strength
well exceeding 100 MPa, that is, far above the measured values for pore-free sintered BSG [17].

Table 1. Physico-mechanical properties of BSG-derived glass foams produced under different
conditions.

Activation Surfactant
Density
(g/cm3)

Total Porosity, P
(%)

Open Porosity
(%)

Compressive
Strength (MPa)

NaOH
TritonX-100

0.75 ± 0.01 66 ± 1 55 ± 3 4.3 ± 0.3
NaOH/KOH 0.81 ± 0.02 68 ± 3 52 ± 4 7.7 ± 0.4
NaOH/KOH Tween 80 0.79 ± 0.01 69 ± 2 55 ± 3 7.2 ± 0.3
NaOH/KOH SLS 0.98 ± 0.01 61 ± 2 49 ± 2 8.2 ± 0.5

The favourable strength/density correlation is further testified by the bending strength data
illustrated by the Ashby’s plot shown in Figure 7. The plot was traced by means of the CES
(Cambridge Engineering Selector, EduPack2017 [34]) and related database concerning ceramic foams.
The experimental data from bending strength determinations are highlighted in yellow. Panels,
designed to a given applied bending moment, are lighter and lighter with increasing index I, defined
as [35]:

I = σf
1/2/ρ, (2)
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where σf is the real failure stress (bending strength, also known as ‘modulus of rupture’); materials
with the same I value stay on the same selection line, in the strength/density chart (see solid line in
Figure 7) [35]. The position of newly developed foams in the chart (aligned above the line) makes
them good candidate materials for strong lightweight panels, compared to most commercial ceramic
foams, with the exception of commercial glass foams (which exploit the mechanical contribution of
cell faces, being close-celled [8]). The open-celled morphology could be exploited for the infiltration of
a secondary phase (e.g., elastomers, in ballistic protection composites [36]) or for filter manufacturing.

 

Figure 7. Bending strength/density chart for selected BSG-derived foams compared to commercial
ceramic foams.

The proposed approach to cellular glasses is interesting for its inherent flexibility. As evidenced
by the experiments with soda-lime glass and bioglass [5,15], the solid content and the duration of both
activation and drying stages may affect the viscosity of glass slurries and thus modify the cellular
structure in the ‘green’ state. These changes will be the reasonable focus of future investigations,
especially at a semi-industrial scale. Figure 8 actually illustrates that the morphology could be tuned
even by simply changing the chemistry of the adopted surfactant. The differences in cell size in the
derived foams obtained with different surfactants are evident, showing a significant size difference in
the macropores detected. Again, despite the open-celled morphology, the crushing strength remained
remarkable (see Table 1).

Figure 8. Examples of BSG-derived foams from different surfactants; (a) Tween 80; (b) SLS.
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4. Conclusions

We may conclude that:

(1) Alkali activation of glass slurries, followed by low temperature sintering, was successfully applied
to glass from discarded pharmaceutical vials;

(2) Owing to the specific glass chemistry, the hardening of slurries was not caused by the formation
of a C-S-H gel but occurred by formation of a (mostly) amorphous hydrated boro-alumino-silicate
gel, in limited quantities;

(3) Alkali activation and subsequent firing determined slight but measurable changes in the
molecular structure of the adopted boro-alumino-silicate glass, with enhancement of BO4 and
AlO4 units (by incorporation of ‘activating’ alkali ions);

(4) The cellular structure could be tuned depending on the chemistry of activating solution but also
on the chemistry of surfactants used in the foaming of activated glass slurries;

(5) The relatively low firing temperature and the limited quantity of hydrated phases favored the
retention of the open-celled morphology, developed upon foaming of activated slurries;

(6) The developed foams, in all processing conditions, exhibited a favorable strength/density
correlation.
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20. Reben, M.; Wacławska, I.; Paluszkiewicz, C.; Środa, M. Thermal and structural studies of nanocrystallization
of oxyfluoride glasses. J. Therm. Anal. Calorim. 2007, 88, 285–289. [CrossRef]

21. Elbatal, H.A.; Azooz, M.A.; Saad, E.A.; Ezzeldin, F.M.; Amin, M.S. Corrosion behavior mechanism of
borosilicate glasses towards different leaching solutions evaluated by the grain method and FTIR spectral
analysis before and after gamma irradiation. Silicon 2018, 10, 1139–1149. [CrossRef]

22. El-Egili, K. Infrared studies of Na2O-B2O3-SiO2 and Al2O3-Na2O-B2O3-SiO2 glasses. Phys. B Condens. Matter
2003, 325, 340–348. [CrossRef]

23. Fernández-Jiménez, A.; Palomo, A. Mid-infrared spectroscopic studies of alkali-activated fly ash structure.
Microporous Mesoporous Mater. 2005, 86, 207–214. [CrossRef]

24. Ming, L.; Zhou, H.; Zhu, H.; Yue, Z.; Zhao, J. Microstructure and dielectric properties of glass/Al2O3

composites with various low softening point borosilicate glasses. J. Mater. Sci. Mater. Electron. 2012, 23,
2130–2139. [CrossRef]

25. Wan, J.; Cheng, J.; Lu, P. The coordination state of B and Al of borosilicate glass by IR spectra. J. Wuhan Univ.
Technol. Mater. Sci. Ed. 2008, 23, 419–421. [CrossRef]

26. Hou, Z.X.; Wang, S.H.; Xue, Z.L.; Lu, H.R.; Niu, C.L.; Wang, H.; Sun, B.; Su, C. Crystallization and
microstructural characterization of B2O3-Al2O3-SiO2 glass. J. Non Cryst. Solids 2000, 356, 201–207. [CrossRef]

27. Larin, A.V.; Leherte, L.; Vercauteren, D.P. Approximation of the Mulliken-type charges for the oxygen atoms
of all-siliceous zeolites. Chem. Phys. Lett. 1998, 287, 169–177. [CrossRef]

28. Malfait, W.J.; Halter, W.E.; Verel, R. 29Si NMR spectroscopy of silica glass: T1 relaxation and constraints on
the Si-O-Si bond angle distribution. Chem. Geol. 2008, 256, 269–277. [CrossRef]

29. Kinney, D.R.; Chuang, I.S.; Maciel, G.E. Water and the silica surface as studied by variable-temperature
high-resolution 1H NMR. J. Am. Chem. Soc. 1993, 115, 6786–6794. [CrossRef]

30. Duxson, P.; Provis, J.L.; Lukey, G.C.; Separovic, F.; van Deventer, J.S.J. 29Si NMR study of structural ordering
in aluminosilicate geopolymer gels. Langmuir 2005, 21, 3028–3036. [CrossRef]

31. Risbud, S.H.; Kirkpatrick, R.J.; Taglialavore, A.P.; Montez, B. Solid-state NMR Evidence of 4-, 5, and 6-Fold
Aluminum Sites in Roller-Quenched SiO2-Al2O3 Glasses. J. Am. Ceram. Soc. 1987, 70, 10–12. [CrossRef]

32. Ray, A.; Tiwari, A.N. Compaction and sintering behaviour of glass-alumina composites. Mater. Chem. Phys.
2001, 67, 220–225. [CrossRef]

33. Gibson, L.J.; Ashby, M.F. Cellular Solids, Structure and Properties; Cambridge University Press: Cambridge,
UK, 1999.

52



Materials 2018, 11, 2545

34. CES EduPack 2017 User Manual and Getting_Started_Guide. Available online: https://www.grantadesign.
com (accessed on 1 July 2018).

35. Ashby, M.F. Materials Selection in Mechanical Design; Butterworth-Heinemann: Amsterdam, the Netherlands,
2017.

36. Colombo, P.; Zordan, F.; Medvedovski, E. Ceramic-polymer composites for ballistic protection. Adv. Appl.
Ceram. 2006, 105, 78–83. [CrossRef]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

53



materials

Article

Spectroscopic Properties of Er3+-Doped
Particles-Containing Phosphate Glasses Fabricated
Using the Direct Doping Method

Pablo Lopez-Iscoa 1 , Nirajan Ojha 2 , Ujjwal Aryal 2, Diego Pugliese 1 , Nadia G. Boetti 3 ,

Daniel Milanese 1,4 and Laeticia Petit 2,5,*,†

1 Dipartimento di Scienza Applicata e Tecnologia (DISAT) and INSTM UdR Torino Politecnico,
Politecnico di Torino, Corso Duca degli Abruzzi 24, 10129 Torino, Italy; pablo.lopeziscoa@polito.it (P.L.-I.);
diego.pugliese@polito.it (D.P.); daniel.milanese@polito.it (D.M.)

2 Laboratory of Photonics, Tampere University, Korkeakoulunkatu 3, 33720 Tampere, Finland;
nirajan.ojha@tut.fi (N.O.); ujjwal.aryal@student.tut.fi (U.A.)

3 Fondazione LINKS—Leading Innovation & Knowledge for Society, Via P. C. Boggio 61, 10138 Torino, Italy;
boetti@ismb.it

4 Istituto di Fotonica e Nanotecnologie-Consiglio Nazionale delle Ricerche (IFN-CNR), Caratterizzazione e
Sviluppo di Materiali per la Fotonica e l’Optoelettronica (CSMFO) Lab., Via alla Cascata 56/C,
38123 Povo (TN), Italy

5 nLIGHT Corporation, Sorronrinne 9, 08500 Lohja, Finland
* Correspondence: laeticia.petit@tut.fi; Tel.: +358-50-447-8481
† Current Address: Laboratory of Photonics, Tampere University of Technology, Korkeakoulunkatu 3,

33720 Tampere, Finland.

Received: 4 December 2018; Accepted: 21 December 2018; Published: 3 January 2019

Abstract: The effect of the incorporation of Er2O3-doped particles on the structural and luminescence
properties of phosphate glasses was investigated. A series of different Er2O3-doped TiO2, ZnO,
and ZrO2 microparticles was synthesized using soft chemistry and then added into various phosphate
glasses after the melting at a lower temperature than the melting temperature. The compositional,
morphological, and structural analyses of the particles-containing glasses were performed using
elemental mapping by field emission-scanning electron microscopy (FE-SEM) with energy dispersive
x-ray spectrometry (EDS) and x-ray diffraction (XRD). Additionally, the luminescence spectra and
the lifetime values were measured to study the influence of the particles incorporation on the
spectroscopic properties of the glasses. From the spectroscopic properties of the glasses with the
composition 50P2O5-40SrO-10Na2O, a large amount of the Er2O3-doped particles is thought to
dissolve during the glass melting. Conversely, the particles were found to survive in glasses with a
composition 90NaPO3-(10 − x)Na2O-xNaF (with x = 0 and 10 mol %) due to their lower processing
temperature, thus clearly showing that the direct doping method is a promising technique for the
development of new active glasses.

Keywords: phosphate glass; oxyfluoride phosphate glass; Er2O3-doped particles; direct particle
doping; Er3+ luminescence property

1. Introduction

Among rare-earth (RE) ions, erbium (Er3+) ions have been widely studied as dopants in different
host matrices due to their emission at around 1.5 μm, which makes them suitable for applications such
as fiber lasers and amplifiers for telecommunications [1]. Moreover, their up-conversion properties
enable them to convert the infrared (IR) radiation into red and green emissions. Thus, Er3+-doped

Materials 2019, 12, 129; doi:10.3390/ma12010129 www.mdpi.com/journal/materials54
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materials show many other applications such as photovoltaics [2], display technologies [3], and medical
diagnostics [4].

Phosphate glasses are very well known for their suitable mechanical and chemical properties,
homogeneity, good thermal stability, and excellent optical properties [5–9]. As compared to silicate
glasses, they possess low glass transition (Tg) (400–700 ◦C) and crystallization (Tp) (800–1400 ◦C)
temperatures, which facilitate their processing and fabrication by melt-quenching technique [10,11].
Phosphate glasses also exhibit high RE ions solubility [12], leading to quenching phenomenon
occurring at very high concentrations of RE [9,13]. Due to their outstanding optical properties,
RE-doped phosphate glasses have recently become appealing for the engineering of photonic devices
for optical communications [14], laser sources, and optical amplifiers [9,13,15–17]. Moreover, due to
their low phonon energies and wide optical transmission window from Ultraviolet (UV) to mid-IR
regions, fluoride phosphate glasses are considered to be good glass candidates for Er3+ doping [18].

It is well known that the luminescence properties as well as the solubility of RE ions in glassy
hosts can be significantly impacted by parameters such as the mass, covalency or charge of the ligand
atoms [19]. The luminescence properties of Er3+-doped phosphate glasses with compositions in mol %
of (0.25 Er2O32013(0.5 P2O5 − 0.4 SrO − 0.1 Na2O)100−x − (TiO2/Al2O3/ZnO)x), with x = 0 and
1.5 mol %, were previously investigated and discussed as a function of the glass composition [20].
It was found that the Er3+ ions spectroscopic properties depended on the glass structure connectivity,
which changed the Er3+ ions solubility. The intensity of the emission at 1.5 μm could be increased if the
phosphate network is depolymerized. Recently, the impact of the nucleation and growth on the Er3+

spectroscopic properties of these glasses was reported in Reference [21]. Indeed, due to the crystalline
environment surrounding the RE ions, the RE-doped glass-ceramics have shown to combine glass
properties (large flexibility of composition and geometry) with some advantages of the RE-doped
single crystals (higher absorption, emission, and lifetimes) [22]. Upon heat treatment, the crystals
precipitated from the surface of the glasses and the composition of the crystals depended on the glass
composition. The crystals were found to be Er3+ free except in the glass with x = 0. With this study,
it was shown that the heat treatment does not necessarily lead to the bulk precipitation of Er3+-doped
crystals, which should increase the spectroscopic properties of the glass.

Therefore, a new route was developed in order to control the local environment of the RE
ions independently of the glass composition: the direct doping method [23]. With this technique,
the particle matrix allows high RE content in a high dispersion state, thus avoiding the quenching effect
independently of the glass composition [24]. Thus, innovative particles-containing glasses with specific
particle compositions and nanostructures can be achieved by adding RE-doped particles in the glass
batch after the melting process. Recently, up-conversion (UC) was obtained from phosphate glasses
which contain only 0.01 at % of Er3+ and 0.06 at % of Yb3+ by adding NaYF4:Er3+, Yb3+ nanoparticles
(NPs) in the glass after the melting [25]. However, as explained in Reference [26], the main challenge
with this novel route of preparing glasses is to balance the survival and dispersion of the particles in
the glasses. The particles should be thermally stable at the temperature they are added in the glass
melt to ensure their survival within the glass during the glass preparation.

Here, new Er3+-doped particles-containing phosphate glasses were prepared in order to fabricate
phosphate glasses with enhanced emission at 1.5 μm as compared to standard Er3+-doped phosphate
glasses. Oxyfluoride phosphate glass family was also considered due to its low processing
temperature. At first, the synthesis and characterization of different Er2O3-doped particles are
presented. The concentration of Er2O3 in the particles was kept high to ensure that luminescence
can be detected after embedding the particles into the glasses. The particles were prepared by the
sol-gel method. TiO2, ZnO, and ZrO2 were selected as crystalline hosts for the Er3+ ions due to
their high melting points and low phonon energies, which provide high thermal stability and high
luminescence properties [27–32]. Then, the technique of incorporation of the particles into phosphate
glasses with various compositions was addressed. Finally, a full characterization of the morphological
and luminescence properties of the different particles-containing glasses was reported.
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2. Materials and Methods

2.1. Particles Synthesis

The synthesis of the TiO2 particles doped with 14.3 mol % of Er2O3 was reported in Reference [33].
Specifically, 21.28 g of titanium(IV) butoxide reagent grade (97% Sigma–Aldrich, Saint Louis, MO,
USA) were dissolved in ethanol (100 mL) and then added dropwise into a mixture of deionized water
(2 mL), ethanol (>99.8% Sigma–Aldrich, Saint Louis, MO, USA), and 8.37 g of erbium (III) acetate
(>99.9% Sigma–Aldrich, Saint Louis, MO, USA). Once the addition was completed, the solution was
heated at a reflux temperature of 90 ◦C and left under reflux for 1 day. Finally, the precipitates were
collected by centrifugation, washed with ethanol for several times, and dried at 100 ◦C for 1 day.
The as-prepared sample was further annealed in air at 800 ◦C for 2 h.

The ZnO particles were synthesized following the process described in Reference [34].
The concentration of Er2O3 was 14.3 mol % as in the TiO2 particles. Then, 13.5 g of zinc acetate
dihydrate (Zn(CH3COO)2·2H2O)) (99.999% Sigma–Aldrich, Saint Louis, MO, USA) and 7.8 g of
erbium chloride hexahydrate (ErCl3 6H2O) (Sigma–Aldrich, Saint Louis, MO, USA, 99.9% purity)
were used as starting materials. The precursors were dissolved in ethanol (>99.8% Sigma–Aldrich,
Saint Louis, MO, USA)-deionized water (50–50% in volume) with polyvinylpyrrolidone (PVP K 30,
average Mw 40,000, Sigma–Aldrich, Saint Louis, MO, USA) as a surfactant and stirred for 30 min until
a clear solution was formed. Then, the sodium hydroxide 0.1 M (Fluka Massachusetts, MA, USA)
was added until reaching a pH of 9, which is optimal for nucleation. The solution was heated up to
90 ◦C and stirred for 4 h to get fine precipitation. The obtained precipitation was washed 4 times with
deionized water and centrifuged. The precipitation was collected and dried at 80 ◦C for 4 h. Finally,
the sample was calcined at 1000 ◦C for 2 h.

The ZrO2 particles were synthesized with 7 mol % of Er2O3 as in Reference [35]. More in detail,
28 mL of aqueous solution of 0.1 M erbium chloride hexahydrate (ErCl3·6H2O, 99.9%, Sigma Aldrich,
Saint Louis, MO, USA), and 1.83 mL of 0.1 M sodium bicarbonate (NaHCO3, 99.7%, Fluka) were added
to 50 mL of absolute ethanol (>99.8% Sigma Aldrich, Saint Louis, MO, USA) while stirring at 60 ◦C.
Then, 9.17 mL of zirconium (IV) butoxide solution ((Zr(OBu)4) 80 wt % in 1-butanol) (Sigma-Aldrich,
Saint Louis, MO, USA) was added and kept under stirring for 2 h. The obtained colloidal solution was
centrifuged and washed three times with ethanol (>99.8% Sigma–Aldrich, Saint Louis, MO, USA) at
9000 rpm for 30 min. Lastly, the final product was calcined at 1000 ◦C for 2 h.

2.2. Particles-Containing Glasses Preparation

The particles-containing glasses were prepared by incorporating the aforementioned particles
in the host glasses with compositions (in mol %): 50P2O5-40SrO-10Na2O, labeled as SrNaP glass,
and 90NaPO3-(10 − x)Na2O-xNaF with x = 0 and 10, labeled as NaPF0 and NaPF10, respectively.
The glasses were synthesized in a quartz crucible using Na6O18P6 (Alfa-Aesar, technical grade),
Na2CO3 (Sigma–Aldrich, >99.5%), Sr(PO3)2, and NaF (Sigma–Aldrich, 99.99%). Sr(PO3)2 precursor was
independently prepared using SrCO3 (Sigma-Aldrich, Saint Louis, MO, USA, ≥99.9%), and (NH4)2HPO4

as raw materials heated up to 850 ◦C. Prior to the melting, the glass NaPF0 was heat treated at 400
◦C for 30 min to decompose Na2CO3 and evaporate CO2. Details on the direct doping process of the
NaPF0 and NaPF10 glasses and of the SrNaP glass can be found in References [26] and [36], respectively.
The particles (1.25 wt %) were incorporated in the SrNaP glass at 1000 ◦C after melting at 1050 ◦C for
20 min. After 5 min, the glasses were quenched. The NaPF0 and NaPF10 glasses were melted at 750 ◦C
for 5 min, then the particles were added at 550 ◦C and finally the glass melts were quenched after a 3 min
dwell time.

After quenching, all the melts were finally annealed at 40 ◦C below their respective Tg for 5 h
in order to release the residual stress. All the glasses were cut and optically polished or ground,
depending on the characterization technique.
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2.3. Characterization Techniques

The thermal stability of the particles was measured by thermogravimetric analysis (TGA) using a
Perkin Elmer TGS-2 instrument (PerkinElmer Inc., Waltham, MA, USA). The measurement was carried
out in a Pt crucible at a heating rate of 10 ◦C/min in a controlled atmosphere (N2 flow), featuring an
error of ± 3 ◦C. The sample was approximately 10 mg of grounded particles.

The composition and morphology of the particles were determined using a field emission scanning
electron microscope (FE-SEM, Zeiss Merlin 4248, Carl Zeiss, Oberkochen, Germany) equipped with
an Oxford Instruments X-ACT detector and energy dispersive spectroscopy systems (EDS) (Oxford
Instruments, Abingdon-on-Thames, UK). The composition and morphology of the particles-containing
glasses were determined using FE-SEM/EDS (Carl Zeiss Crossbeam 540 equipped with Oxford
Instruments X-MaxN 80 EDS detector) (Instruments, Abingdon-on-Thames, UK). The images were
taken at the surface of the glasses, previously cut and optically polished. The samples were coated
with a thin carbon layer before the EDS elemental mapping. The elemental mapping analysis of the
composition of the samples was performed by using the EDS within the accuracy of the measurement
(± 1.5 mol %).

The crystalline phases were identified using the X-ray diffraction (XRD) analyzer Philips X’pert
(Philips, Amsterdam, Netherlands) with Cu Kα X-ray radiation (λ = 1.5418 Å). Data were collected
from 2θ = 0 up to 60◦ with a step size of 0.003◦.

The emission spectra in the 1400–1700 nm range were measured with a Jobin Yvon iHR320
spectrometer (Horiba Jobin Yvon SAS, Unterhaching, Germany) equipped with a Hamamatsu
P4631-02 detector (Hamamatsu Photonics K.K., Hamamatsu, Japan) and a filter (Thorlabs FEL 1500,
Thorlabs Inc., Newton, NJ, USA). Emission spectra were obtained at room temperature using an
excitation monochromatic source at 976 nm, emitted by a single-mode fiber pigtailed laser diode
(CM962UF76P-10R, Oclaro Inc., San Jose, CA, USA).

The fluorescence lifetime of Er3+:4I13/2 energy level was obtained by exciting the samples with a
fiber pigtailed laser diode operating at the wavelength of 976 nm, recording the signal using a digital
oscilloscope (Tektronix TDS350, Tektronic Inc., Beaverton, OR, USA) and fitting the decay traces by
single exponential. All lifetime measurements were collected by exciting the samples at their very
edge to minimize reabsorption. Estimated error of the measurement was ±0.2 ms. The detector used
for this measurement was a Thorlabs PDA10CS-EC (Thorlabs Inc., Newton, NJ, USA). The samples
used for the spectroscopic measurements were previously cut and optically polished.

3. Results and Discussion

Er2O3-doped TiO2, ZnO, and ZrO2 particles were synthesized using the sol-gel technique.
The morphology of the particles was assessed by FE-SEM analysis (see Figure 1).

 

Figure 1. FE-SEM micrographs of Er2O3-doped TiO2 (a), ZnO (b), and ZrO2 (c) particles.

The Er3+-doped particles show agglomerates of nanoparticles with irregular shape. As can be
seen from Figure 1, the agglomerates are formed by small particles with a size of ~50–100 nm for the
TiO2, ~100–400 nm for the ZnO, and ~100–300 nm for the ZrO2 particles. Additionally, based on the
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EDS analysis, the composition of the particles was in agreement with the nominal one within the
accuracy of the measurement.

The XRD patterns of the Er3+-doped particles are presented in Figure 2.

Figure 2. XRD patterns of the Er2O3-doped TiO2, ZnO, and ZrO2 particles, with the reference patterns
of the pyrochlore (P), rutile (R), hexagonal (H), Zn extra phase (*), and tetragonal (T) crystalline phases.

The XRD pattern of the Er2O3-doped TiO2 particles showed the presence of rutile phase (Inorganic
Crystal Structure Database (ICSD) file No. 00-021-1276) and also the pyrochlore phase (ICSD file No.
01-073-1647), which seems to be the major phase as reported in Reference [37] when adding Er2O3.
The XRD pattern of the Er2O3-doped ZnO particles revealed the presence of ZnO hexagonal wurtzite
phase (ICSD file No. 89-1397), together with an extra unidentified phase. Similar results were reported
by Rita John et al. [29], where the same unidentified phase was found in the XRD analysis of highly
Er2O3-doped ZnO particles. The ZrO2 tetragonal crystalline phase (ICSD file No. 66787) is present in
the Er2O3-doped ZrO2 sample, in agreement with References [38,39]. It should be pointed out that no
peaks related to Er2O3 were observed in the XRD measurements of all the samples.

Additionally, the fluorescence lifetime values of the Er3+:4I13/2 level upon 976 nm excitation of
the Er2O3-doped TiO2 and Zr2O particles were (0.1 ± 0.2) and (1.0 ± 0.2) ms, respectively. However,
in the case of the ZnO particles, the lifetime value could not be measured due to low IR emission from
the particles. The high concentration of Er2O3 in the particles is expected to lead to concentration
quenching resulting in a very short lifetime [9].

The thermal stability of the particles was assessed by TGA analysis (see Figure 3).

Figure 3. TGA analysis of the Er2O3-doped TiO2, ZnO, and ZrO2 particles.
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Less than 1% of weight loss from all the investigated particles was detected when the temperature
increased to 1050 ◦C, thus indicating that the particles should not suffer any degradation when added
to the glass melt.

The SrNaP glasses were fabricated by incorporating the Er2O3-doped particles at 1000 ◦C after
the melting as in References [36,40]. The ZnO and ZrO2 particles-containing SrNaP glasses exhibited a
slight pink coloration, while TiO2 particles-containing glass displayed a purple color. Agglomerates of
particles were found in the glasses by naked eyes. No diffraction peaks of any crystalline phase were
found in the particles-containing glasses (data not shown), confirming that the number of particles in
the glasses was too small to be detected.

The morphology and the composition of the particles found at the surface of the glasses were
analyzed using FE-SEM/EDS analysis. The FE-SEM pictures and elemental mapping of Er2O3-doped
TiO2, ZnO, and ZrO2 particles found in the SrNaP glasses are shown in Figure 4a–c, respectively.

Figure 4. FE-SEM pictures with their corresponding elemental mapping of Er2O3-doped TiO2 (a),
ZnO (b), and ZrO2 (c) particles-containing SrNaP glasses. The direction of the scan starts at the circle
of the white line (corresponding to 0 μm).

Few microparticles with a size of ~100 μm were found in the Er2O3-doped TiO2

particles-containing glass matrix. The composition of the glass matrix and of the particles are in
accordance with the theoretical ones. The remaining TiO2 particles maintained their compositional
integrity in their center after the melting process, confirming the survival of some Er2O3-doped TiO2

particles in the glass. However, most of the Er2O3-doped TiO2 particles are suspected to degrade
during the glass preparation. Regarding the Er2O3-doped ZnO particles-containing glasses, a bright
area rich in Zn surrounds small particles with a size of ~15 μm. These particles contain mostly Er
and P, thus indicating that Zn3+ ions diffused from the particles into the glass matrix during the glass
preparation leading most probably to the precipitation of ErPO4 crystals (see Figure 4b). Therefore,
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the Er2O3-doped ZnO particles are also expected to degrade in the glass during its preparation, leading
to the diffusion of Zn and Er in the glass matrix which is in agreement with the pink coloration of
the glass itself. Figure 4c shows the mapping of the Er2O3-doped ZrO2 particles-containing glasses.
Particles with a size of ~50 μm were found. These particles also maintained their compositional
integrity in their center. However, contrary to the other particles, Sr-rich crystals were observed around
the particles as seen in Reference [36], confirming that crystals with specific composition such as ZrO2

and SrAl2O4 precipitated due to the decomposition of the particles.
The normalized emission spectra of the Er2O3-doped TiO2, ZnO, and ZrO2 particles and of their

corresponding particles-containing SrNaP glasses are reported in Figure 5.

Figure 5. Emission spectra of the Er2O3-doped TiO2 (a), ZnO (b), and ZrO2 (c) particles and of their
corresponding particles-containing SrNaP glasses.

The particles-containing glasses exhibit a different emission shape compared to that of the
particles alone, indicating that the neighboring ions arrangement around the Er3+ ions is different after
embedding the particles in the glasses. The emission spectra of the glasses are typical of the emission
band assigned to the Er3+transition from 4I13/2 to 4I15/2 in glass. Additionally, the investigated
glasses show similar emission in shape, indicating that the environment of Er3+ ions is similar
in the investigated glasses, as suspected from the Er3+:4I13/2 lifetime values measured at 976 nm
(~4.0 ± 0.2 ms) in the three investigated glasses. It should be pointed out that these lifetimes are longer
than the lifetime of the particles alone. Therefore, the absence of sharp peaks in the IR emission spectra
together with the long Er3+:4I13/2 lifetime values and the absence of up-conversion emission from the
glasses clearly suggest that a large number of particles suffered an important degradation during the
melting process. This experimental evidence is in agreement with the color of the glasses, as reported
in References [26,36,40]. Therefore, the Er3+ ions environment is expected to change from crystalline to
glassy when the particles are incorporated into the glasses increasing the bandwidth of the emission
band and the Er3+:4I13/2 lifetime.

In order to limit the degradation of the particles during the glass preparation, new glasses with a
lower melting temperature and with a composition of 90NaPO3-(10 − x)Na2O-xNaF, with x = 0 (NaPF0)
and 10 (NaPF10) (in mol %), were investigated as an alternative host for the Er2O3-doped particles.
The optimization of the direct doping method can be found in Reference [25]; the Er2O3-doped
particles were added at 550 ◦C and the dwell time was 3 min. As opposed to the NaSrP glasses,
the Er2O3-doped TiO2- and ZnO-containing glasses exhibited a light pink coloration, whereas the
Er2O3-doped ZrO2-containing glasses were colorless. Some agglomerates could be observed in the
glasses with naked eye.

The normalized emission spectra of the NaPF0 and NaPF10 glasses are reported in Figure 6.
For the sake of comparison, the spectra of the particles alone are also shown.
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Figure 6. Normalized infrared emission spectra of the Er2O3-doped TiO2 (a) ZnO (b), and ZrO2 (c)
particles and of their corresponding particles-containing NaPF0 and NaPF10 glasses with 1.25 wt %
of particles.

Similarly to what previously reported for the NaSrP glasses, the spectra of the NaPF glasses were
also different compared to the spectra of the particles alone. However, one can also notice that the
shape of the emission depends on the glass composition: the emission band of the NaFP0 glasses
was similar to the emission bands presented in Figure 5, while the NaFP10 glasses exhibit different
emission bands depending on the particles. It should be pointed out the narrow bandwidth of the
emission band of the Er2O3-doped ZrO2 particles-containing NaPF glasses.

In contrast with the SrNaP glasses, the NaPF glasses, except for the TiO2-containing NaPF0 glass,
exhibit up-conversion emission confirming the survival of the particles. However, as observed for the
emission at around 1.5 μm, the shape of the visible emission is modified after adding the particles into
the glass (see Figure 7), thus confirming that the site of the Er3+ ions in the particles is changed after
embedding the particles into the glass. According to Reference [26], the change in the Er3+ site can be
related to the partial decomposition of the particles during the glass preparation.

 

Figure 7. Normalized up-conversion emission spectra of the Er2O3-doped TiO2 (a), ZnO (b),
and ZrO2 (c) particles and of the corresponding particles-containing NaPF0 and NaPF10 glasses with
1.25 wt % of particles.

The Er3+:4I13/2 lifetime values of the NaPF0 and NaPF10 glasses are listed in Table 1.

Table 1. Er3+:4I13/2 lifetime values of the Er2O3-doped TiO2, ZnO and ZrO2 particles and of the
particles-containing NaPF0 and NaPF10 glasses.

Sample Code

Er3+:4I13/2 Lifetime ±0.2 ms

Particles Alone
Particles-Containing Glasses

NaPF0 NaPF10

Er2O3-doped TiO2 particles 0.1 2.3 0.7
Er2O3-doped ZnO particles n.a. 1.4 1.3
Er2O3-doped ZrO2 particles 1.0 1.6 1.4

Compared to the NaSrP glasses, the NaPF glasses exhibit shorter Er3+:4I13/2 lifetimes.
These lifetimes are, however, longer than those of the particles alone. They are also longer than
the lifetime of an Er3+-doped NaPF10 glass prepared using a standard melting process with Er2O3
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doping level similar to that considered for the particles-containing glasses (Er3+:4I13/2 lifetime equal
to (0.6 ± 0.2) ms). Therefore, the local environment of the Er3+ ions is expected to be modified after
embedding the particles into the glasses. It does not correspond to the local environment of Er3+

ions in an amorphous matrix, confirming the survival of the Er3+-doped particles into the glasses.
Additionally, the Er3+:4I13/2 lifetime depends on the glass composition: independently of the particles,
the Er3+:4I13/2 lifetimes of the NaPF10 glasses are the shortest, thus suggesting that the particles are less
degraded in the NaPF10 glass than in the NaPF0 one. Similar results were reported in Reference [25].

As performed for the NaSrP glasses, FE-SEM/EDS analysis was used to check the morphology
and the composition of the particles. In all the glasses, the composition of the glass matrices was found
to be in agreement with the theoretical one within the accuracy of the measurement (±1.5 mol %).
No crystals around the particles were observed in the glasses, confirming that the crystals formation
depends on the glass matrix host (see Figure 8).

Figure 8. FE-SEM pictures with their corresponding elemental mapping of Er2O3-doped TiO2 (a),
ZnO (b), and ZrO2 (c) particles-containing NaPF10 glasses. The direction of the scan starts at the circle
of the white line (corresponding to 0 μm).

Very few TiO2 particles were found in the NaPF0 glass, while a large amount of them could be
observed in the NaPF10 glass. These particles, as well as the ZnO and ZrO2 ones, maintained their
compositional integrity in their center in both glasses (see Figure 8), thus confirming the survival of
the Er2O3-doped particles in the glasses as suspected from their spectroscopic properties. However,
~5 mol % of TiO2 and ZnO were detected in the glass matrix ~5 μm close to the particles, whereas
a lower amount of ZrO2 (<3 mol %) was detected around the particles (~1 μm) in the glass matrix.
Therefore, as suspected from the color, the shape of the IR and Visible emissions and the Er3+:4I13/2
lifetimes of the particles-containing glasses, the TiO2 and ZrO2 particles are suspected to degrade the
most and the least in the NaPF glasses, respectively, as confirmed by FE-SEM/EDS analysis.
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4. Conclusions

Particles-containing glasses were fabricated using the direct doping method, which consisted of
the incorporation of Er2O3-doped TiO2, ZnO, and ZrO2 particles into the glasses after their melting.
Although the particles were found to be thermally stable up to 1050 ◦C, when added at 1000 ◦C
into the glass with composition 50P2O5-40SrO-10Na2O (in mol %), very few ones are suspected to
survive, as evidenced by the color (pink or purple depending on the composition of the particles),
the FE-SEM/EDS analysis, the broad emission band centered at around 1.5 μm, the absence of the
up-conversion and the long Er3+:4I13/2 lifetime of the particles-containing glasses. By lowering
the melting temperature and so the doping temperature to 550 ◦C, it was possible to limit the
decomposition of the particles into the glass melt as evidenced by the color of the glasses (light
pink or even colorless depending on the particles composition). Particles-containing glasses within
the 90NaPO3-(10 − x)Na2O-xNaF system exhibiting up-conversion were successfully synthesized.
From the narrow emission band centered at around 1.5 μm and the Er3+:4I13/2 lifetime values of the
particles-containing glasses, the particles, especially the ZrO2 ones, are expected to survive in the
NaPF10 glass, thus confirming that the direct doping technique can be profitably employed to fabricate
novel varieties of glasses with controlled local environment of the Er3+ ions when located in crystals.
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Abstract: To provide a reliable integration of components within a solid oxide electrolysis cell stack,
it is fundamental to evaluate the mechanical properties of the glass–ceramic sealing materials, as
well as the stability of the metal–glass–ceramic interface. In this work, the mechanical behavior
of two previously developed glass–ceramic sealants joined to Crofer22APU steel is investigated
at room temperature, 650 ◦C, and 850 ◦C under shear load. The mechanical properties of
both the glass–ceramics showed temperature dependence. The shear strength of Crofer22APU/
glass–ceramic/Crofer22APU joints ranged from 14.1 MPa (20 ◦C) to 1.8 MPa (850 ◦C). The elastic
modulus of both glass–ceramics also reduced with temperature. The volume fraction of the crystalline
phases in the glass–ceramics was the key factor for controlling the mechanical properties and fracture,
especially above the glass-transition temperature.

Keywords: glass–ceramic; shear strength; elastic modulus; SOFC; SOEC

1. Introduction

Solid oxide electrolysis cells (SOECs) are a promising technology to produce hydrogen through the
electrolysis of water. Among the various components of an SOEC stack, the stability and performance
of the glass–ceramic sealants are key factors to determine and control the overall efficiency of the
system [1,2]. Because of the operational thermal regime of the whole stack, the joined components are
subjected to the change of the acting stress, from almost compressive and/or tensile to almost shear.
In laminate structures, this means that not only the SOEC materials, but also their interfaces often play
a crucial role [3,4].

Due to cyclic temperature working conditions, there is a possibility of stress generation at the
Crofer22APU/glass–ceramic interface and/or within the glass–ceramic joint. If the stresses increase
to a critical level, either debonding at the Crofer22APU/glass–ceramic sealant interface or within
the glass–ceramic can occur, thus causing gas leakage. Therefore, besides the thermal, chemical,
thermomechanical and electrical stability of glass sealants, it is also important to analyze their
response to mechanical loading under conditions corresponding to operational ones [5–10]. The
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high-temperature mechanical behavior of glass–ceramic sealants is crucial due to possible deterioration
of these properties, especially if the working temperature is higher than the glass-transition temperature
(Tg) [11–13]. Recently, a few researchers have studied the mechanical properties of glass–ceramic
sealants at room and high temperatures [14–21]. Selçuk et al. [18] employed three different testing
methods to investigate the shear strength of glass–ceramic sealants, without specifying the glass-based
composition: single lap offset (SLO) under compression, single lap (SL) under compression and
asymmetrical 4-point bending test (A4PB). They found a significant variation in the apparent shear
strength obtained by the different methods; specifically, the shear strength measured in the SLO
configuration was relatively low (around 7 MPa), likely due to significant normal tensile stresses
perpendicular to the joint. Stephens et al. [22] and Lin et al. [13] investigated the tensile and shear
properties between the Crofer22APU interconnect and glass–ceramic sealants from room temperature
to 800 ◦C. Stephens et al. tested a barium–calcium–aluminosilicate-based glass-sealing material (G18);
tensile and torsion tests were performed to characterize the interfacial shear strength between the
G18 glass and the Crofer22APU. The mechanical strength of the joint decreased by almost 50% with
an increase in temperature from 25 ◦C to 800 ◦C [22]. Lin et al. evaluated the joint strength of a
BaO–B2O3–Al2O3–SiO2 glass–ceramic joined to the Crofer22H specimen, at room temperature and at
800 ◦C under shear and tensile loading. They evaluated the effect of ageing and pre-oxidation of the
Crofer22H and found that the tensile joint strength is lower if the fracture involves delamination at the
interface between the steel substrate and BaCrO4 layer, formed by the reaction between BaO from the
glass and Cr from the steel. Anyhow, by increasing the testing temperature, the shear strength reduced
from 7 MPa (25 ◦C) to 4 MPa (800 ◦C) [13].

In a paper by López et al. [23], the flexural strength of two glass–ceramic (one containing Ba and
one containing Sr) bars using a three-point bending setup after different ageing times was measured.
Although the glass–ceramics were not interfaced with a metallic interconnect, interesting results
were obtained in terms of the comparison between the mechanical properties of the two different
glass–ceramic compositions. The authors discussed the mechanical behavior regarding different
thermal ageing times of the glass–ceramics and their microstructural evolution. The glass–ceramics
containing SrO exhibited higher flexural strength than the glass–ceramics with BaO [23].

In our work, the shear strength of the Crofer22APU/glass–ceramic/Crofer22APU joined samples
was studied by using two SrO-containing glass-based systems, designed for a working temperature of
850 ◦C. The Crofer22APU/glass–ceramic/Crofer22APU samples were investigated under shear load
at room temperature, 650 ◦C and 850 ◦C. The elastic modulus of the glass–ceramics was also measured
from room temperature to 650 ◦C by vibration method.

2. Materials and Methods

Two previously developed glass–ceramic systems, further labeled as HJ3 and HJ4, are employed to
investigate their mechanical behavior in contact with the Crofer22APU interconnect. The Tg of the HJ3
and HJ4 glasses was 722 ◦C and 736 ◦C, respectively, as measured by differential thermal analysis (DTA).
Previously performed XRD analysis showed the presence of Sr2Al2SiO7, Ca0.75Sr0.2Mg1.05(Si2O6) and
Ca2Mg(Si2O7) phases in the HJ3 glass–ceramic, while the HJ4 glass–ceramic had SrSiO3 and SiO2

phases after joining [24].
The coefficients of thermal expansion (CTE) and the softening behavior of both the glass–ceramics

were measured by dilatometer (Netzsch, DIL 402 PC/4, Selb, Germany), at a heating rate of 5 ◦C/min.
The dilatometer analyses were performed on the glass–ceramic pellets (diameter 1 cm), prepared by
pressing the glass powder in a steel mold, followed by a heat treatment in static air. Quantitative XRD
analyses based on the Rietveld method were not feasible for the as-joined HJ3 and HJ4 glass–ceramics
due to the complex crystalline phases and the corresponding XRD patterns. Consequently, in
order to determine the relative quantities of the crystalline phases in the HJ3 and HJ4 as-joined
glass–ceramics, an estimation could be made on the relative weight balance between the crystals
in the glass–ceramics and the internal standard (ZnO), introduced in a defined quantity (20 wt.%).
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Therefore, the semi-quantitative analysis was performed by means of a Match software package
(version 1.10, Crystal impact, Bonn, Germany), operating based on the reference intensity ratio method
(RIR method) [25].

For mechanical characterization under quasistatic shear loading conditions, the
Crofer22APU/glass–ceramic/Crofer22APU joined samples were prepared. Figure 1 illustrates the
sample configuration (including dimensions) subsequently tested under shear load. Before joining,
both plates of Crofer22APU were made plane parallel and polished to obtain the desired dimensions
with a tolerance of ± 0.1 mm. Each plate was cleaned by using acetone and subsequently the glass
was deposited in the form of a slurry containing glass particles in ethanol (70:30 wt.%). The joining of
the HJ3 glass–ceramic with the Crofer22APU was carried out at 950 ◦C for 1 h at a heating rate of
5 ◦C/min, while for the HJ4 system the joining was processed at 950 ◦C for 5 h at a heating rate of
2 ◦C/min. The glass–ceramics in the joining region had a thickness of 600 μm ± 50. After joining,
the samples were again gently polished for a few minutes to make sure that both steel plates were
perfectly parallel to each other.

Figure 1. Illustration of Crofer22APU/glass–ceramic/Crofer22APU samples with glass–ceramic joint
for shear testing (a) and setup for testing the sample under shear load (b).

Quasistatic shear testing was carried out at a constant machine cross-head rate of 50 μm/min. The
loading fixture developed for the experiments is also shown in Figure 1. The red arrows in Figure 1
indicate the direction of the applied load. Tests were conducted at three different testing temperatures,
namely room temperature, 650 ◦C and 850 ◦C. The displacement of the joined plates was quantified by
using a high-temperature extensometer located outside the furnace. The Zwick/Roell–Messphysik
Kappa 50kN test system with a Maytec inert gas high-temperature chamber was used for the
experiments. The joint area of each sample was measured after the shear test by using a light
microscope with CCD camera and image analysis. The shear stress was then calculated by dividing
the applied load by the real joint area. All tests were conducted in an argon atmosphere. Before each
test, the sample was heated to the desired temperature and kept at that temperature for 3 h, to make
the temperature homogenous throughout the heating zone of the chamber. The temperature was
measured by a thermocouple attached directly to the sample. To obtain statistically representative
data, at least three samples of both compositions were tested at each temperature. The post mortem
analysis of broken samples was carried out by scanning electron microscope (SEM, Merlin ZEISS,
Munich, Germany). For this purpose, cross sections of the Crofer22APU/glass–ceramic interfaces were
metallographically polished up to 1 μm by diamond paste and investigated by SEM after being coated
with gold.

The elastic modulus of the pure glass–ceramics was measured by vibration method, at
temperatures ranging from room temperature to 650 ◦C, during the heating and cooling cycles. For this
purpose, thin rectangular samples of glass–ceramics with dimensions of 20 mm × 2 mm × 2 mm were
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prepared. The high-temperature impulse excitation technique, HT1600 system (IMCE, Belgium) was
applied for these analyses. The elastic modulus was determined by measuring the resonant frequency
of the sample at the given temperature and then calculated from the specimen dimensions and density.

3. Results and Discussion

The previously performed DTA on these glass systems showed a significant difference in
crystallization behaviors. No crystallization peak was detected during the DTA analysis of the HJ4
glass, thus indicating that the crystallization was probably not sufficient to be detected. However, the
DTA analysis of the HJ3 glass showed a crystallization peak due to the sufficient crystallization in that
system [25].

The dilatometer curves of the HJ3 and HJ4 glass–ceramics are shown in Figure 2. The CTE of the
as-joined HJ3 and HJ4 glass–ceramics were 10.2 × 10−6 K−1 and 9.3 × 10−6 K−1 respectively, in the
temperature range of 200 ◦C–500 ◦C. The dilatometer curve of the HJ3 as-joined glass–ceramic is quite
linear, thus indicating that the HJ3 glass–ceramic did not become soft up to 1000 ◦C. Nevertheless, the
dilatometer curve of the HJ3 glass–ceramic shows a slight change in the slope around 680 ◦C, which
is most likely due to the Tg of the residual glassy phase. On the other hand, the dilatometer analysis
of the HJ4 glass–ceramic shows that the HJ4 glass–ceramic became soft at around 800 ◦C with a Tg

around 700 ◦C. These results further support the hypothesis that the as-joined HJ4 glass–ceramic has
more residual glass than the as-joined HJ3 glass–ceramic.

Figure 2. Dilatometer curves of as-joined HJ3 and HJ4 glass–ceramics. Measurements were carried out
at a heating rate of 5 ◦C/min.

Figure 3a shows the XRD analyses performed on the as-joined HJ3 and HJ4 glass–ceramics.
Due to the complex crystalline phases (especially in HJ3), some peaks are unidentified, as shown in
Figure 3a,b shows the XRD patterns of both glass–ceramics after the inclusion of the standard (ZnO).
Closer inspection of the XRD reported in Figure 3b shows the presence of a slightly more pronounced
“amorphous halo” in the XRD pattern of the HJ4 glass–ceramic with respect to HJ3 system, thus
undoubtedly indicating a relatively lower degree of crystallization in the HJ4 system. Even if the HJ4
system was processed for longer time in comparison with HJ3 (5 h vs. 1 h), it maintained a significant
amount of amorphous phase, as further supported by the dilatometer curves of the as-joined HJ3
and HJ4 glass–ceramics shown in Figure 2, thus highlighting a significant difference between the two
compositions. These results agree with the results obtained from the DTA, HSM and dilatometer
analyses of these glass–ceramics i.e., the HJ4 glass–ceramic has a relatively higher quantity of residual
glass than the HJ3 as-joined glass–ceramic.
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Figure 3. (a) Indexed XRD patterns of the HJ3 and HJ4 as-joined glass–ceramics (b) XRD pattern of
as-joined glass–ceramics and ZnO standard.

Figure 4 shows the shear stress vs. load displacement curves for the HJ3 and HJ4 joint samples,
tested at three different temperatures. For the sake of simplicity, only one curve has been shown for
each temperature measurement. The traces reflect how the high temperatures significantly affect the
deformation and fracture behavior of the joints made by the two different glass–ceramics. Please
note that the slope of the linear part of the curves may be affected by an inexact determination of
the joint area, as carried out by post mortem analysis of the fracture surfaces. When testing the
Crofer22APU/glass–ceramic/Crofer22APU joints made of both glass–ceramics at room temperature
and at 650 ◦C (lower than Tg), the fracture occurred in the linear mode once the applied stress reached
maximum shear strength. This behavior reflects the almost elastic deformation and brittle response
of the glass–ceramic joint. However, as expected, at 850 ◦C (T > Tg), the joints showed enhanced
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displacement under the applied load and extensive non-linear behavior. This effect is due to the stress
relaxation and the softening and viscous flow of the residual glassy phase above Tg, as observed by
Zhao et al. [26]. Although both systems were crystallized after the heat treatments during the joining
process, the residual glassy phase seemed to be the main factor controlling the mechanical behavior
of the joint. As both glass systems were designed for a working temperature of 850 ◦C, the stress
relaxation phenomenon is favorable for reducing the thermal stresses that could be generated due
to thermal mismatch at high temperature changes associated with the cell operation. Moreover, the
residual glassy phase exhibiting viscous flow could also be beneficial for self-healing and consequently
may enhance the long-term stability of the sealant. Chang et al. [12] observed the stress relaxation
phenomenon for the as-joined and aged GC-9 glass–ceramic when tested in the temperature range of
650 ◦C–750 ◦C, and attributed it to the viscoelastic behavior of the residual glassy phase.

 

Figure 4. Shear stress vs. displacement curves for (a) HJ3 and (b) HJ4 joints, tested under shear loads
at three different temperatures.

The shear strength values as determined and calculated from the stress displacement curves
shown above (Figure 4) are given in Figure 5. Figure 5 shows the average shear strength obtained from
three samples for each composition and at each test temperature. The shear strength of all the joints is
seen to decrease with increasing testing temperatures. For the HJ3-based joints the strength reduced
from 14.1 (at 25 ◦C) to 5.5 MPa (850 ◦C), while for the HJ4-based joints, the shear strength dropped
from 13.9 MPa (25 ◦C) to 1.8 MPa (850 ◦C). The reduction observed in the strength with increasing
temperature was according to expectations and is due to the softening of residual glassy phase at
high temperature and its viscous flow (creep deformation). Because of the lower volume fraction of
the crystalline phases within the HJ4, its shear strength reduced more drastically compared with the
HJ3 glass–ceramic when increasing the testing temperature from 650 ◦C to 850 ◦C. Osipova et al. [17]
also investigated the shear strength of glass–ceramics at room temperature, 600 ◦C and 800 ◦C and
found similar behavior of enhanced reduction in shear strength at 800 ◦C, due to the softening of the
remaining glassy phase.

It is worth highlighting that the HJ3-based joints fractured cohesively (fracture occurred within
the glass–ceramic joint), while the HJ4-based joints fractured in an adhesive manner (fracture occurred
at the Crofer22APU/glass–ceramic interface) for all the three testing temperatures.
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Figure 5. Comparison of shear strength of both glass systems as the function of test temperature.

Figure 6 shows the SEM images of the fractured surfaces of the joints based on both the
glass systems. For the HJ4-based system, the adhesive fracture resulted in the detachment of
the glass–ceramic from one of the joined Crofer22APU plates, therefore, the shown SEM images
correspond to the Crofer22APU plate containing all the HJ4 glass–ceramic. The adhesive fracture
occurred at one of the two Crofer22APU/HJ4 glass–ceramic interfaces, which resulted in the complete
delamination of the HJ4 glass–ceramic at one interface. The corresponding SEM images (Figure 6a,b)
of the Crofer22APU/HJ3/Crofer22APU samples tested at room temperature and 650 ◦C respectively,
show that the glass–ceramics completely adhered throughout the joining area of both the Crofer22APU
plates. However, for the HJ3 system-based joint tested at 850 ◦C, the glass–ceramic was also partially
detached from one of the Crofer22APU plates, as shown in Figure 6c. The fracture was probably
initiated within the glass–ceramic bulk as in the case of low temperature testing, and then propagated
to the interface.

Furthermore, overall thermal expansion coefficient (CTE) of a glass–ceramic, the CTE of individual
crystal phases in that glass–ceramic system can play a key role in controlling the fracture behavior as
they may create the stress concentration regimes, either within the glass–ceramics and/or at interface.

The HJ3 glass–ceramic has CTE of 10.2 ×10−6 K−1 that is closely matching CTE of the
Crofer22APU (12 ×10−6 K−1) [27]; however, despite the presence of Sr2Al2SiO7 as main crystalline
phase with a CTE of 1.1 ×10−6 K−1 [28] that could generate localized stresses within the HJ3
glass–ceramic, the mechanical strength was found to be similar to HJ4 system (where Sr2Al2SiO7 is not
present).

The HJ4 system has SrSiO3 as main crystalline phase having a CTE of 10.9 ×10−6 K−1 [29],
thus reducing localized stresses generation within the glass–ceramic. Anyway, the as-joined HJ4
glass–ceramic has a CTE of 9.3 ×10−6 K−1 which is lower than that of Crofer22APU, therefore, it can
lead to generate stresses at Crofer22APU/HJ4 glass–ceramic interface and make adhesive fracture
more favorable under the externally applied load.

Furthermore, the presence of defects (pores or bubbles etc.) within the glass–ceramics can also
lead to initiation of crack. The high degree of devitrification in the HJ3 glass–ceramic increases the
possibility to generate residual micro porosity due to enhanced viscosity cause by crystallization.
These micro pores could be another possible reason to initiate the crack within the HJ3 glass–ceramic.
Hasanabadi et al. [9] also tested the Crofer22APU/glass–ceramic/Crofer22APU joints under torsion
shear conditions and found that the presence of pores as major reason for crack initiation. On the
other hand, even if the higher amount of the residual glassy phase in the HJ4 glass–ceramic minimizes
the porosity due to its viscous behavior, the room temperature mechanical strength is not improved
with respect to the HJ3 system, likely due to higher residual thermal stresses at the Crofer22APU/HJ4
glass–ceramic interface.
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The lower mechanical strength for HJ4 with respect to HJ3 at 650 ◦C could be attributed to the
presence of cristobalite (SiO2) phase in the HJ4 glass–ceramic [24], that has different polymorphs and
cause volume expansion around 250 ◦C, thus determining micro defects in the glass–ceramic at the
interface with Crofer22APU.

The SEM images of fractured surfaces show the presence of micro pores in the HJ3 glass–ceramic
(Figure 6a–c); however, the HJ4 glass–ceramic seems denser with slight residual porosity (Figure 6d–f).

Figure 6. SEM images of top morphology of fracture surfaces of broken joint material; samples (a) HJ3
tested at RT, (b) HJ3 tested at 650 ◦C, (c) HJ3 tested at 850 ◦C, (d) HJ4 tested at RT, (e) HJ4 tested at 650
◦C, (f) HJ4 tested at 850 ◦C.

Figure 7 shows the SEM images of the Crofer22APU/glass–ceramic interface for broken
samples for both the glass systems tested at three different temperatures under shear load.
For the HJ4 system, the images correspond to the Crofer22APU/HJ4 contained all the joined
glass–ceramic well adhered to Crofer22APU surface after the fracture. The SEM images showed
no cracks at glass–ceramics/Crofer22APU interfaces tested at room temperature as well as at high
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testing temperatures, thus demonstrating a good thermomechanical compatibility. A uniform
microstructure of both the glass–ceramics was observed. For a particular glass system, the
Crofer22APU/glass–ceramic interfaces showed a similar morphology after being tested at three
different temperatures. Further details about the microstructure of both the glass–ceramics can be
found elsewhere [24].

Figure 7. SEM images of interface of Crofer22APU with (a) HJ3 tested at RT, (b) HJ3 tested at 650 ◦C,
(c) HJ3 tested at 850 ◦C, (d) HJ4 tested at RT, (e) HJ4 tested at 650 ◦C, (f) HJ4 tested at 850 ◦C. Details
about the microstructure of both the glass–ceramics can be found elsewhere [24].

The elastic moduli of the as-joined glass–ceramics for both the glass systems are shown in Figure 8.
Measurements were performed from room temperature to 650◦C and elastic modulus was measured
both during the heating and cooling. Above 650 ◦C, the obtained resonance frequencies were not
sufficient to measure the reliable values due to the possible softening of the glass–ceramics. The
direct comparison shows that the HJ3 glass–ceramic (Figure 8a) has higher values of elastic modulus
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as compared with the HJ4 system (Figure 8b). The higher volume fraction of crystals in the HJ3
glass–ceramic made this system stiffer than the HJ4 glass–ceramic. Similar behavior was observed by
Milhans et al. [30], where reduced modulus was observed to increase with increasing volume content
of the crystalline phases in the glass–ceramics, as measured by nanoindentation. Zhao et al. [31]
also compared the elastic modulus of different glass–ceramic systems having different amounts of
the residual glassy phases. The glass–ceramic with less quantity of residual glassy phase showed
higher elastic modulus. For the HJ3 glass–ceramic, the elastic modulus reduced from 100 GPa (at room
temperature) to 92 GPa (650 ◦C), whereas for the HJ4 glass–ceramic it decreased from 80 GPa (room
temperature) to 75 GPa (650 ◦C). The elastic modulus curve for the HJ4 glass–ceramic (Figure 8) also
shows discontinuities around 230◦C during heating cycle and around 230 ◦C–270 ◦C during cooling.
This is due to the presence of cristobalite (SiO2) phase in the HJ4 glass–ceramic [24,32]. Nevertheless,
the obtained elastic moduli for both the systems (HJ3 and HJ4) are comparable or slightly higher than
the elastic modulus of the glass–ceramics available in the literature (50–80 GPa) [8,22,30,31,33,34].

Figure 8. Elastic modulus of as-joined (a) HJ3 and (b) HJ4 glass–ceramics, measurement was done
from room temperature to 650 ◦C.

4. Conclusions

Mechanical testing in shear conditions performed at room temperature, 650 ◦C and 850 ◦C enabled
to quantify the temperature dependence of the investigated shear parameters. The mechanical strength
of both glass–ceramic-joined samples tested at 650 ◦C was retained up to 60–70% of the RT values,
while a substantial decrease was observed at 850 ◦C (T > Tg).

Similarly, as expected the elastic modulus of both the glass–ceramics also showed nearly linear
reduction with temperature. The volume fraction of the crystalline phases has been found to be an
important factor controlling the mechanical properties at high temperatures. The higher amount of
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residual glassy phase in the glass–ceramic reduces the high-temperature mechanical properties of the
sealant but promotes the stress relaxation possibilities due to softening, which is beneficial to release
the thermal stresses at high temperature.

This study provides insights for design and development of glass–ceramic sealants for SOEC
working at 850 ◦C.
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1 Institute of Physics of Materials, Academy of Science of the Czech Republic, 61662 Brno, Czech Republic;
siska@ipm.cz (F.Š.); chlup@ipm.cz (Z.C.); idlouhy@ipm.cz (I.D.)

2 Sunfire GmbH, 01237 Dresden, Germany; Thomas.Strohbach@sunfire.de
* Correspondence: masini@ipm.cz; Tel.: +420 532 290 336

Received: 13 December 2018; Accepted: 15 January 2019; Published: 18 January 2019

Abstract: The mechanical reliability of reversible solid oxide cell (SOC) components is critical for
the development of highly efficient, durable, and commercially competitive devices. In particular,
the mechanical integrity of the ceramic cell, also known as membrane electrolyte assembly (MEA),
is fundamental as its failure would be detrimental to the performance of the whole SOC stack.
In the present work, the mechanical robustness of an electrolyte-supported cell was determined via
ball-on-3-balls flexural strength measurements. The main focus was to investigate the effect of the
manufacturing process (i.e., layer by layer deposition and their co-sintering) on the final strength.
To allow this investigation, the electrode layers were screen-printed one by one on the electrolyte
support and thus sintered. Strength tests were performed after every layer deposition and the
non-symmetrical layout was taken into account during mechanical testing. Obtained experimental
data were evaluated with the help of Weibull statistical analysis. A loss of mechanical strength after
every layer deposition was usually detected, with the final strength of the cell being significantly
smaller than the initial strength of the uncoated electrolyte (σ0 ≈ 800 MPa and σ0 ≈ 1800 MPa,
respectively). Fractographic analyses helped to reveal the fracture behavior changes when individual
layers were deposited. It was found that the reasons behind the weakening effect can be ascribed to
the presence and redistribution of residual stresses, changes in the crack initiation site, porosity of
layers, and pre-crack formation in the electrode layers.

Keywords: SOC; mechanical strength; flexural biaxial test; ball-on-3-balls test; fractography;
residual stresses

1. Introduction

Reversible solid oxide cells (SOCs) are devices able to produce synthetic fuels when operated in
electrolysis mode (SOEC) and electricity when operated in fuel cell mode (SOFC). Recently, SOCs have
been attracting a lot of interest because of their environmentally-friendly nature, their flexibility with
respect to the fuel utilization and energy source integration, their capability and their surprisingly
high overall efficiency [1–4]. They represent a promising tool towards a sustainable future.

A major threat hindering the successful commercialization of SOCs is their long-term reliability.
Because of their high operating temperature (about 850 ◦C), the harsh oxidizing and reducing working
atmospheres, while being subjected to external mechanical loads, their integrity is threatened [5,6].

A SOC device consists of ceramic, metallic, and glass components all stacked together.
The mechanical failure of the ceramic cell, also known as MEA (membrane electrolyte assembly),
would be detrimental for the proper functioning of the whole device. Being the component in which
all the electrochemical reactions take place, its failure would inevitably lead to decreased performance
of the entire stack. In order to ensure the efficiency of the SOC device, it is fundamental that the fuel
and the oxidizing air are physically separated; their separation is ensured by the gastight electrolyte.
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This way, the fuel is not directly burned off. Any kind of leakage would reduce the quantity of
effectively utilized fuel and therefore lower the efficiency. If the electrolyte breaks, the necessary gas
tightness is no longer maintained and the SOC performance is hindered [7]. This exemplifies the
importance of ensuring the mechanical integrity of the cell and in particular of the electrolyte over the
whole expected lifetime.

This work deals with the effect of the manufacturing process on the final strength of the ceramic
cell. The design of this multi-layered ceramic system is mainly focused on the electrochemical
properties necessary to make it an effective means for the production of electricity and synthetic
fuels. However, it also requires certain robustness to be able to bear the severe mechanical and thermal
stresses to which it is exposed during service [8]. The cell is a ceramic component mainly consisting
of a dense electrolyte, which in this study is the supportive layer, embedded between two porous
electrodes. During the production process, these functional layers are sintered together [9]. Because of
the mismatch in the coefficient of thermal expansion, residual stresses will arise between the layers.
Such stresses might be responsible for the formation of cracks in the porous electrodes, as well as
for layer delamination, potentially compromising the overall strength of the ceramic cell [8,10,11].
The overall robustness of the cell under investigation, being of the electrolyte-support kind, depends on
the properties of the electrolyte in the first place. Yet, its strength is also influenced by the features of
the electrodes embedding the electrolyte and by the interfaces generated between them.

Despite most of the research activity for the development of fuel cells being devoted
to the electrochemical aspects, there are some studies dealing with the fracture mechanics
of materials involved in SOC technology. However, nearly all of them are focused on the
characterization of individual materials [12–16] or they investigate either symmetrical systems or
half-cell systems [7,10,17–20]. As already mentioned, interfacial bonding between layers can play
a significant role in the mechanical response of the whole cell. Thus, it is of high importance to
understand the fracture mechanism of such a fundamental SOC component in its totality, treating it
as a whole system, thus taking into account co-sintering effects and interaction between layers.
This challenging approach is the main novelty of the presented work.

It has already been reported that the strength of the electrolyte on the cell level is sensibly
reduced [7,10]. The goal of this work is to understand the reasons behind this strength loss,
aiming toward the improvement of the cell mechanical stability.

2. Materials and Methods

2.1. Specimen Preparation

The planar electrolyte-supported SOC cell investigated in this study was provided by Sunfire
(Sunfire GmbH, Dresden, Germany) and consisted of four layers; its layout is schematically represented
in Figure 1. The detailed composition of each layer, together with the nominal thickness, is reported
in Table 1. The planar electrolyte was produced via tape casting [21] and provided by the
company Kerafol (KERAFOL Keramische Folien GmbH, Eschenbach in der Oberpfalz, Germany);
it consisted of dense 3 mol% Y2O3-stabilized ZrO2 with a nominal thickness of 90 μm and it
provided the mechanical support for the electrodes. Both the electrodes were manufactured at Sunfire
(Sunfire GmbH, Dresden, Germany) via a screen printing process. The fuel electrode was a 27 μm
thick porous NiO/Gd0.1Ce0.9O2 cermet, while the air electrode consisted of two layers: a 10-μm thick
Gd0.2Ce0.8O2 barrier layer [22] and a La0.6Sr0.4Co0.2Fe0.8O3−δ functional layer with a nominal thickness
of 45 μm.
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Figure 1. Schematic representation of the Sunfire MEA with its functional layers.

Table 1. List of the cell layers with their composition and nominal thickness.

Layer Material Composition Thickness (μm)

Electrolyte 3YSZ (Y2O3)0.03(ZrO2)0.97 90
Barrier layer 20GDC Gd0.2Ce0.8O2 10
Fuel Electrode NiO/10GDC (NiO)/(Gd0.1Ce0.9O2) 27
Air Electrode LSCF La0.6Sr0.4Co0.2Fe0.8O3-δ 45

All the layers added to the electrolyte are sintered together. Thus, the cell is a complex system
made up of co-sintered individual layers and its overall properties are inevitably affected by the
constraints arising between them. To investigate the effect of these constraints on the mechanical
response of the cell, samples were taken out from each production step (i.e., after each layer deposition
in the green state) prior to sintering. Then laminates having two, three, and four layers were sintered
via the same profile used for the whole cell. This approach led to the production of three non-symmetric
layered structures, each of them with a different number of layers, and enabled the detection of the
interactions between them. The layered structures were named from SOC1, corresponding to the
electrolyte with barrier layer, to SOC3, corresponding to the whole cell, as illustrated in Table 2.
SOC0 refers to the monolithic bare 3YSZ (3% mol Ytttria Stabilized Zirconia) electrolyte support.
Mechanical characterizations were performed after each layer deposition, (i.e., on each layered structure
from SOC0 to SOC3); in order to take into account the non-symmetric and non-periodic layer placement,
both laminate sides were subject to testing (i.e., eight configurations were evaluated in total).

Table 2. List of the layered structures characterized with their given names, brief description,
and nominal thicknesses.

Sample Name Description t (μm)

 

 

 

SOC0 Electrolyte 90
SOC1 Electrolyte + Barrier 100
SOC2 Electrolyte + Barrier + Fuel Electrode 127
SOC3 Electrolyte + Barrier + Fuel Electrode + Air Electrode 172

For the biaxial flexural testing, samples were extracted directly from SOC0–SOC3 as-sintered
plates of dimensions 100 × 150 mm2 according to Table 2. The plates, being extremely thin and fragile,
were glued onto a rigid support and cut into 4 x 3 mm2 rectangular specimens using a precision
diamond saw Isomet 5000 (Buehler, Lake Bluff, IL, USA). The cutting speed was set to 7.8 mm/min in
order to prevent the cracking of edges. The edges of the samples did not need any further polishing
as, during the biaxial flexural test used, samples were subjected to tensile stresses concentrated in the
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central area located in between the loading balls; thus, any micro-cracks in correspondence of edges
had no influence on the fracture load.

2.2. Biaxial Flexural Strength Test

The biaxial flexural strength was determined through the ball-on-3-balls bending (B3B)
configuration. Details of the testing procedure and setup can be found elsewhere [7,23,24].
The measurements were performed at room temperature in air atmosphere on rectangular specimens,
which were symmetrically supported by three balls on one side and loaded by a fourth ball placed in
the center of the opposite side (see Figure 2); all the balls were made of hardened steel (Eb = 210 GPa;
νb = 0.3) and had a diameter Rb = 2.38 mm, giving a support radius Ra = 1.3747 mm. All B3B
tests were performed under displacement control in a universal testing machine INSTRON 8862
(Instron, Norwood, MA, USA) with the aid of a jig especially produced at IPM (Institute of Physics of
Materials, Brno, Czech republic), following the design from ISFK (Institut of Structural and Functional
Ceramics, Leoben, Austria) [11]. During the test, the required alignment between the specimen,
loading ball, and supporting balls was ensured by a guide, which was carefully removed after pre-load.
The load was then further increased until failure [25]. The crosshead speed of the test was set to
500 μm/min in order to achieve the fracture of the samples in less than 5 s. The test setup utilized is
shown in Figure 3. The minimum of 45 valid tests was conducted. Each configuration (SOC0–SOC3)
was tested on both sides to take into account two aspects:

1. The electrolyte had a different surface refinement at the top and bottom side due to the
manufacturing process; one side was smoother and the other is rougher, depending on whether
it was on the support or the doctor blade side. This aspect may have led to a difference in the
strength between two sides even when the electrolyte was a dense monolithic ceramic;

2. The layered structures SOC1 to SOC3 had a non-symmetrical non-periodic layout.

Figure 2. Scheme of the ball-on-3-balls test setup for biaxial testing.

 

Figure 3. The test setup used for the measurements of the bi-axial flexural strength via B3B.
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Experimental data were evaluated according to the Weibull statistical analysis. This was to
take into account the inherently scattered nature of the strength of brittle materials, which cannot be
described by a single strength value, but by a strength distribution. The characteristic strength σ0

and the Weibull modulus m of the Weibull distribution, together with their 95%-confidence intervals,
were determined using the maximum-likelihood method, following the standard EN 843-5 [26].
Calculations were performed with the help of the statistical software Statgraphics Centurion 18
(Statgraphics Technologies, Inc., The Plains, VA, USA).

After the tests, fractographic analyses were performed for every data set in order to characterize
the fracture mechanisms acting and to investigate the effect of the layered layout on the crack
propagation. The fracture surfaces of specimens exhibiting the highest and lowest values within
the dataset were observed. For the fractographic analyses, fractured specimens were mounted in the
specially prepared holder via silver paste and coated with a thin carbon film in order to give them
the required conductivity for enabling scanning electron microscopy (SEM) observations. A scanning
electron microscope Tescan LYRA 3 XMU (Tescan Brno, s.r.o., Brno, Czech Republic) was used. All the
observations were performed at a working distance of 9 mm with an acceleration voltage of 20 kV.

2.3. Determination of the Flexural Strength

The flexural strength (in N/mm2) was determined from the experimental fracture force measured
for each sample, via the equation:

σmax = f · F
t2 (1)

where F (N) is the maximum load at fracture; t (mm) the thickness of the specimen; and f is
a dimensionless factor depending on the geometry of the specimen, its Poisson’s ratio, and the
geometry of the test jig. Considering that the thickness is one of the most influential parameters
for the estimation of the maximum stress, it was carefully measured in the center of all specimens
(i.e., area where the maximum stress is located) before testing. To determine the f factor for each tested
material configuration loaded using B3B, an FEM (Finite Elements Method) analysis was performed
using the commercial software Abaqus/CAE6.13 (Dassault Systemes Simulia Corp., Providence, RI,
USA). For the simulation, the rectangular samples and the balls were modelled using 3D deformable
elements of the C3D8R type. Given the symmetry of the system, only half of the testing setup was
modelled in order to save computational time. The chosen geometry and boundary conditions are
illustrated in Figure 4. The mesh in the model was created in order to combine sufficient precision
and reasonable computational demands. Therefore, the areas of contact between the balls and the cell
were meshed more densely with the in-plane element size from 2 μm to 10 μm. The rest of the cell was
meshed with increasing element size (up to 100 μm). The average through thickness element size was
4 μm; however, there were at least two elements through the thickness of the layer. The number of DOF
(Degree of Freedom) for the cell ranged between 252 000 (SOC0) and 468 000 (SOC3). Siska et al. [27]
showed that for elastic calculations of heterogeneous material, the mesh convergence is achieved at
around 100 000 DOF. Therefore, the performed simulations were well conditioned in the sense of
mesh convergence.
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(a) 
(b) 

Figure 4. Finite Element (FE)-model example of the ball on three balls test assembly, half model:
(a) view of the meshed model, and (b) outlined boundary conditions.

Material data used for the simulations are reported in Table 3. Elastic modulus E, Poisson’s ratios
ν, and densities � were taken from Reference [4], while coefficients of thermal expansion α were
measured via dilatometry or taken from literature [28,29].

Table 3. List of the cell layers with their composition and nominal thickness.

Layer Material E (GPa) ν (-) � (g/cm3) α (K−1)

Electrolyte 3YSZ 202.5 0.27 6.05 10.8 × 10−6

Barrier Layer 20GDC 120 0.26 4.02 12.5 × 10−6

Fuel Electrode NiO/10GDC 120 0.25 5.97 13.4 × 10−6

Air Electrode LSCF 80 0.30 2.36 16.6 × 10−6

In Figure 5, an example of the first maximum principal stress distribution in the specimen during
biaxial loading is represented. It can be observed that the maximum stress arose in the center of the
tensile surface of the specimen (the red area), corresponding to the center of the three balls, and its
intensity decreased sharply in the radial direction. Therefore, as the area loaded with the maximum
tensile stress was a small portion of the volume of the sample, localized strength measurements could
be carried out.

 

(a) 

 

(b) 

Figure 5. Example of the principal stress field in a rectangular plate specimen for a typical loading
condition in a ball-on-3-balls test: (a) perspective view, and (b) view on the top plane and section view
of the plate.
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3. Results

3.1. Flexural Strength Measurement

The failure stresses of the samples in the flexural B3B configuration are illustrated in Figure 6 in
the form of Weibull plots and summarized in Table 3, where characteristic strengths and Weibull
modules are reported together with their calculated confidence intervals. For the electrolyte
(SOC0), the characteristic strength ranged between σ0 = 1819 MPa (rough side under tension) and
σ0 = 1854 MPa (smooth side under tension), with both Weibull moduli close to m ≈ 20, as shown
in Figure 6a. The Weibull parameters determined for both SOC0 orientations were very similar,
revealing that the surface quality had a statistically negligible influence on the mechanical response of
the electrolyte but still was detectable by the method used.

 

(a) 

 

 

(b) 

 

(c) 

 

(d) 

Figure 6. Weibull plots of the fracture stress distribution of the SOC0-SOC3 samples, obtained via
ball-on-3-balls test. In each graph are represented two plots, one for each side of the sample under
tension, with their respective Weibull modules. (a): Weibull plot for SOC0 (b): Weibull plot for SOC1
(c): Weibull plot for SOC2 (d): Weibull plot for SOC3.

For the SOC1 samples, corresponding to the electrolyte with addition of the barrier layer on the
rough electrolyte side, the characteristic strength calculated was σ0 = 1956 MPa when the electrolyte
smooth side was on the tensile side and σ0 = 763 MPa when the barrier was in tension. While the
strength of the electrolyte side was comparable to the one obtained for the uncoated 3YSZ electrolyte,
a pronounced strength decrease was obtained when the barrier layer was exposed to the tensile
load. Even if the thickness of the GDC (Gadolinium Doped Ceria) barrier layer (≈10 μm) was small
compared to the electrolyte thickness (≈90 μm), its effect on the resulting strength was remarkable.

The addition of the fuel electrode resulted in the approach of the strength distribution plots of the
two orientations, while the GDC barrier side nearly maintained its previous strength (σ0 = 730 MPa),
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and the electrolyte side, now coated with the NiO/GDC cermet layer, underwent a drastic weakening
(from σ0 = 1956 MPa to σ0 = 775 MPa).

Finally, the presence of the LSCF air electrode had a minor influence on the mechanical response
of the layered structure. The Weibull strengths determined were σ0 = 843 MPa and σ0 = 802 MPa when
the fuel electrode and the air electrode were in tension, respectively.

Table 4 reports the values of the measured flexural strength and Weibull modulus of each sample,
for both orientations.

Table 4. Compilation of Weibull parameters obtained from the biaxial bending test, including the 95%
confidence intervals.

Sample Tested Surface σ0 (MPa) m

SOC0
Smooth 1854.4 (1818.8|1889.7) 19.5 (14.7|25.5)
Rough 1818.9 (1782.2|1855.3) 18.0 (13.7|23.4)

SOC1
Electrolyte 1955.9 (1901.2|2010.7) 12.2 (9.4|15.7)

Barrier 762.6 (747.2|777.9) 16.8 (13.0|21.5)

SOC2
Fuel Electrode 775.0 (762.4|783.3) 24.5 (19.0|31.1)

Barrier 729.5 (715.4|743.5) 17.4 (13.5|22.1)

SOC3
Fuel Electrode 844.4 (838.9|849.7) 57.4 (43.4|74.8)
Air Electrode 801.7 (790.9|812.4) 25.9 (19.9|33.3)

Comparing the stress levels in the bare electrolyte (SOC0) with the one of the whole cell (SOC3),
it is clear that the strength of the electrolyte on the cell level was significantly reduced. The stress in
the electrolyte at the failure of the cell was less than half that of the uncoated electrolyte. In order to
understand the reasons behind the weakening phenomenon, fractographic analyses using scanning
electron microscopy on selected specimens were performed.

3.2. Fractographic Analysis

The selected most significant (characteristic) fracture surfaces are reported below. The fracture
surface in Figure 7 belongs to a 3YSZ specimen tested with the rough side in tension. The fracture
initiation site is highlighted by the dashed line. From the high-magnification micrograph in
Figure 7b, it is possible to state that the crack propagation in the vicinity of the free surface was
mainly inter-granular, revealing a weak bonding strength between grains, probably caused by the
manufacturing process; it then became rather trans-granular in the interior of the material. The same
fracture mechanism was observed for electrolyte specimens tested with the smooth side on the
tensile side of loading; this result is in agreement with the similar fracture strengths measured via
the flexural test for both orientations. As expected, for all the tested single-layer 3YSZ electrolyte
samples, the fracture initiated on the tensile surface of the specimen, within the area of maximum
stress determined via FEM (see Figure 5).

 

(a) (b) 

Figure 7. SEM images of the fracture surface of a 3YSZ specimen tested in B3B with the rough surface
in tension. The dashed line in (a) highlights the fracture initiation site. (b) Magnified image of the
initiation site.
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Figure 8 shows the fracture surface of two SOC1 specimens, consisting of the electrolyte with the
addition of the GDC barrier layer on the rough surface.

(a) 

 

(b) 

 (c) 
(d) 

Figure 8. SEM images of the fracture surface of a SOC1 specimen tested in B3B with the electrolyte side
in tension in (a) and (b), and with the GDC barrier layer in tension in (c) and (d). The fracture initiation
areas are marked by the white dashed lines.

The micrographs in Figure 8a,b illustrate the fracture mechanism of this bi-layered specimen
when tested with the electrolyte in tension. The fracture pattern was the same as the one observed for
the single-layer electrolyte, meaning that the presence of the barrier layer on the top surface had no
influence in the cracking mode. Hence, the similar characteristic strength measured during the flexural
test. Figure 8c,d report the fracture surfaces belonging to SOC1 specimens, this time being tested with
the GDC layer on the tensile side of the loading. The fracture seemed to initiate in correspondence
with the outer surface of the barrier layer. The magnified image in Figure 8d clearly shows how the
crack propagates with continuity through both the electrolyte and the barrier layer, revealing a high
bonding strength between the two layers.

Figure 9 illustrates the fracture surface of a SOC2 specimen, tested with the GDC barrier layer
on the tensile side of loading. Observing Figure 9a, it is possible to notice partial delamination of
the fuel electrode in the compressive area (i.e., upper part of the specimen): a continuous crack runs
along the interface between the YSZ electrolyte and the NiO/GDC fuel electrode. Figure 9b shows
the fracture starting site located at the outer surface of the specimen and propagating from the GDC
layer into the electrolyte; this behavior reveals a good bonding between the two layers like that already
observed for the SOC1 samples. It should be noted that the presence of the fuel electrode on the
compressive side of loading had no visible influence on the fracture behavior; indeed, the fracture
surface looks very similar to the one shown in Figure 8. This is in agreement with the experimental
results, which revealed that SOC1 and SOC2 samples had, to a good approximation, the same flexural
strength when tested with the GDC layer on the tensile side of loading was. The specimen under
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investigation broke in two pieces, but a clear “third-branch” of the crack propagating through the
electrolyte is present and highlighted by the arrows in Figure 9c.

 

(a) 

 

(b) 

 

(c) 

 

 

Figure 9. SEM micrographs of the fracture surface of a SOC2 specimen tested with the GDC barrier
layer on the tensile side of loading. (a): Overview of the fracture surface. (b) Fracture initiation site
located on the outer surface of the GDC layer. (c) The arrows indicate the “third-branch” of the crack.

An example of the fracture surface of a SOC2 specimen tested with the fuel electrode in tension is
illustrated in Figure 10. This time, no delamination was observed. The fracture initiation site seemed to
be located somewhere between the fuel electrode and the electrolyte; however, the porous nature of the
electrode layer makes the exact identification of the initiation point impossible. As shown in Figure 10b,
the crack propagated with continuity from the fuel electrode into the electrolyte, meaning that the
bonding between these layers was strong enough and the crack did not deflect along the interface.
This could explain the strength decrease measured for the SOC2 samples when tested with the fuel
electrode in tension. Considering that the fuel electrode was weaker than the electrolyte, it would start
cracking at lower applied stress; since these cracks were not able to deflect along the interface with the
electrolyte because of the strong bonding, they would penetrate into the electrolyte. This mechanism
seemed to have a detrimental effect on the strength of the layered structure analyzed. Similar fracture
mechanism for SOC3 specimens tested on the same orientation (i.e. with the fuel electrode in tension)
was observed.
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(a) 

 

(b) 

Figure 10. (a) Example of the fracture surface appearance of a SOC2 specimen tested with the fuel
electrode on the tensile side of loading; fracture. (b) Detail of the fracture initiation area.

In Figure 10a, the effect of compressive stresses acting on the upper part of the specimen can be
observed at the interface between the electrolyte and the barrier layer.

The micrographs in Figure 11 illustrate a typical fracture surface of the whole MEA (SOC3),
tested with the air electrode on the tensile side of loading. The fracture initiation site was most
likely located at the interface between the LSCF (Lanthanum Strontium Cobalt Ferrite) air electrode
and the GDC barrier layer, in correspondence with the area of maximum stress calculated via FEM.
A detail of this area is shown in Figure 11b. Before the failure, some cracks formed in the air electrode
layer and they expanded up to the substrate interface. The pre-cracking of the air electrode was
a consequence of the much lower strength of this layer in comparison to the electrolyte. Because of
residual stresses derived from the mismatch of the thermal expansion coefficients, the air electrode
encountered itself already in tension before the mechanical test; given that this layer was really
porous and mechanically weak, it was not expected to support a much higher tensile stress during
the flexural test. Therefore, it was likely to pre-crack at low applied stress levels. The dashed circle
ellipse in Figure 11a highlights an example of a pre-crack starting at the surface and propagating to the
interface with the barrier layer being out of the failure initiation site. Such cracks only formed locally,
therefore their influence on the overall stiffness was negligible and the force–displacement curve would
not show any evident deflection from linearity. However, they would act as stress concentrators during
external loading and might lead to an early failure of the laminate, when in correspondence with
defects in the substrate. As a result, the failure stress and the characteristic strength of the electrolyte
on the cell level were much lower (more than twice) than those of the uncoated electrolyte samples,
which is in good agreement with the literature [7,10]. However, the whole cell showed a strength
increase in comparison to the strength values measured for SOC2 specimens.
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(a) 

 

(b) 

Figure 11. SEM images showing a typical fracture surface of a whole MEA (SO3) tested with the air
electrode side in tension. The circle in (a) highlights a pre-crack in the air electrode. (b) Detail of the
fracture initiation site at the interface between the LSCF air electrode and the GDC barrier layer.

4. Discussion

4.1. Effect of Residual Stresses

The cell was made up of co-sintered functional self-supported layers. As emerged from the
fractographic analyses, the interfaces generated between adjacent layers might influence the fracture
mechanism of the cell. However, layer interfaces were not the only factor responsible for the changes
in the mechanical resistance; a significant role was ascribed to residual stresses developed during
processing. Because of the CTE (Coefficient of Thermal Expansion) mismatch, residual stresses
arose in the layers during cooling from the sintering temperature as the layers were bonded to each
other and were not allowed to shrink freely. The main difference with layered systems studied in
the literature where co-sintering of green bodies were usually investigated [30–32], contrary to the
cell case where already sintered electrolyte is subjected to co-sintering with green bodies of added
layers. Therefore, the multi-layered samples were not in a stress-free state at room temperature before
mechanical loading during B3B tests. Some of the layers were already in tension while others were in
compression. These residual stresses were responsible for a more fragile cell when handling it [33].
For the proper evaluation of the room-temperature strength of the materials under investigation,
such residual stresses should be taken into account. The effect of residual stresses on the strength of
bi-layer SOC materials has already been investigated; it has been reported that residual stresses could
either strengthen or weaken the layered structure, depending on which of the layers is exposed to
tensile loading. In fact, the residual stresses present in the layers redistribute the stress field created by
an external load applied. However, literature data deals only with bi-layer or symmetrical structures;
the influence of residual stresses on the mechanical integrity of the whole cell has not been reported yet.

Looking at the results reported in Table 4 for SOC1 samples, it can be observed that the strength
of the bi-layered structure slightly increased when the electrolyte was on the tensile side of loading,
but it drastically decreased when the electrolyte was on the compressive side. The reason for this
behavior can be found in the residual stresses that developed in the sample after cooling down from
the sintering temperature. A finite element model allowed for the estimation of the stresses inside
the layers: at room temperature, the electrolyte was in a compressive state (about 50 MPa), while the
GDC barrier layer was solicited by high tensile stresses of about 600 MPa. Therefore, the barrier layer
was already in tension before the flexural test; hence, the applied stress necessary to reach failure was
lower. On the contrary, the compressive stresses developed in the electrolyte acted against the tensile
stresses applied during mechanical testing, resulting in a strength increase. The high residual stresses
derived from the CTE mismatch in the non-symmetrical laminate would be partially released by elastic
deformation of the whole laminate, resulting in non-planar (curved) samples. Moreover, the different
strength of individual materials should be taken in to account depending on the fracture initiation
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place. Indeed, fracture might not occur in the vicinity of the tensile outer surface as is usual in case of
monolithic materials tested (see SOC0 as an example).

The addition of the fuel electrode resulted again in nominal residual compressive stresses
generated in the electrolyte (about 95 MPa) and tensile stresses in both the outer layers (465 MPa in
the barrier layer and 90 MPa in the fuel electrode). Despite the addition of the new layer, a negligible
difference between the mechanical response of SOC1 and SOC2 samples tested with the barrier
layer on the tensile side of loading was observed. This might be a consequence of three aspects:
first, the delamination of the fuel electrode when on the tensile side of loading (see Figure 9);
second, the residual stresses acting in the electrolyte and barrier layer, which were of the same
magnitude of those acting in SOC1 samples; finally, the significantly higher compliance of the
electrode layer.

In contrast, when SOC2 samples were tested in the opposite orientation, the presence of the fuel
electrode in a pre-tensed state played an important role in the strength of the tri-layered structure:
the Weibull characteristic strength calculated for SOC2 samples became significantly smaller than
the one determined for SOC1 samples. This strength loss was caused by the electrode porosity,
which allowed cracking at lower applied stresses due to its weak nature (lower strength and stress
concentration effect on pores) and the residual tensile stresses, which were independent of the porosity.
Such cracks propagated across the thickness until reaching the electrolyte without fracture of the whole
layered system; there they encountered a strong and brittle interface generated during the sintering
process (see Figure 10). Thus, pre-cracks were not able to deflect along the interface and act as stress
concentrators finally propagating into the electrolyte, with a consequent loss of mechanical strength.

With the addition of the air electrode, the stress distribution within the layers was analogous to
the one described for SOC2 samples: the electrolyte was in compression, while all the other layers
around it were in tension. In particular, the air electrode was pre-stressed with a tensile stress of about
180 MPa; given that its room-temperature strength was approximately 160 MPa [34,35], this would
explain the cracks observed in Figure 11.

With respect to the final mechanical strength, the presence of the LSCF air electrode played a minor
role. Indeed, the characteristic strength measured for SOC3 samples was slightly higher, but still of the
same order of magnitude of the one obtained for the SOC2 samples. This is in accordance with the fuel
electrode having low residual stresses, low elastic modulus, and low strength [10]. The increase was
a consequence of the stress redistribution within the functional layers. This means that the pre-cracks
forming in the air electrode layer for relatively low applied stresses were not able to penetrate into the
electrolyte and they had no significant influence on the failure mechanism.

4.2. Stresses across the Thickness

All the analyzed samples fractured within the area of maximum applied stress indicated in
Figure 5. For a better identification and explanation of the fracture initiation site across the section of
the samples, an FEM was used. In particular, the FEM of the biaxial flexural test allowed the estimation
of the stress distribution across the section corresponding to a certain applied load. Figure 12 shows
how the stresses distribute across the section of every sample in a fully elastic regime with low surface
curvature. In these results, an estimation of residual stresses developed during processing was taken
into account. They were incorporated as a separate step in the model before calculating the biaxial
flexural stresses. The cross-sectional distribution of the total stresses revealed that the maximum tensile
stress was not always located at the surface under a tensile load. Indeed, in some cases, the maximum
tensile stress arose at the interface between layers. This means that the fracture would not always
initiate at the external surface, but it could start at the most stressed interface between layers. This was
particularly evident for the SOC3 sample oriented with the air electrode on the tensile side of loading.
In this case, the maximum tensile stress was located at the interface between the LSCF electrode and
the GDC barrier layer and the tensile stresses in the air electrode were pretty small compared to
those developed in the barrier layer. Therefore, if the tensile stress present in the air electrode did
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not exceed the material strength, the fracture would initiate at the interface between electrode and
barrier layer. The FEM results were used to confirm and to explain the observed fracture behavior
using fractographic analysis discussed previously in this work.

Figure 12. Stress distribution across the section of the layered samples tested in biaxial flexure.
Compressive stresses are indicated in blue, tensile stresses in red.

5. Conclusions

In this work, electrolyte-supported SOC cells that are currently used in commercial stacks have
been investigated with respect to their biaxial flexural strength at room temperature. It can be
concluded that the strength of the supportive electrolyte on the cell level is sensibly reduced. The reason
for the mechanical loss is a consequence of two main phenomena:

• The formation of strong interfaces and constraints between adjacent functional layers during
manufacturing, and especially during the sintering process. Such interfaces, due to their high
fracture energy, will impede the deflection of the crack formed in the porous electrodes to deflect
at the interface with the electrolyte. The tip of such cracks may act as stress concentrators at
the electrolyte interface and they might easily penetrate into the electrolyte, thus lowering the
final strength.

• Residual stresses arising in the different layers of the cell as a consequence of the thermal expansion
mismatch. Such stresses will redistribute with the addition of layers to the electrolyte and will act
against or in favor of the externally applied load affecting the resulting strength.
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Abstract: Optical fiber sensors (OFSs), which rely on evanescent wave sensing for the early detection
of the diffusion of water and hydrochloric acid through glass fiber-reinforced polymers (GFRPs), have
been developed and tested. Epoxy and GFRP specimens, in which these sensors were embedded,
were subjected to tests in artificial sea water and hydrochloric acid. The sensors were able to detect
the diffusion of chemicals through the epoxy and GFRP samples on the basis of a drop in the reflected
signal from the tip of the optical sensor probe. Water and hydrochloric acid diffusion coefficients
were calculated from gravimetric measurements and compared with the experimental response of
the OFSs. Furthermore, mechanical tests were carried out to assess the influence of the sensors on the
structural integrity of the GFRP specimens.

Keywords: evanescent wave optical fiber sensors; diffusion; glass fiber-reinforced polymers; testing
and aging

1. Introduction

The perfect combination of low cost, high corrosion resistance, high strength, easy manufacturing,
and easy scalability has designated glass fiber-reinforced polymers (GFRPs) as promising materials for
applications in hostile environments, such as underwater applications and the oil and gas industry [1].
GFRPs have been an important part of the fast-increasing expansion of petrochemical companies.
However, there is still a lack of research on their failures and their aging is difficult to predict. For this
reason, a great deal of effort has been devoted to embedding sensors into GFRPs for structural health
monitoring purposes [2,3]. The aim of producing “sensitive” GFRP composites is to promote efficient
maintenance programs with reduced costs, because any degradation (e.g., due to the diffusion of salty
water or other chemicals in the polymer matrix) may be detected before the structural integrity is
compromised. Optical fiber sensors (OFSs) can represent an excellent aid in such a framework, since
they are minimally invasive and can operate remotely (for up to kilometers) without the need of any
electrical supply.

In this paper, we focused on the design and experimental testing of low-cost OFSs for use in the
monitoring of the diffusion of corrosive media through the thickness of epoxy resin and GFRP samples.
OFSs can cope with the requirements of GFRPs for the oil and gas industry, because their small form
factor and intrinsic fire safety make them very attractive, not just as temperature sensors (i.e., in wells
during crude extraction) or as structural health monitoring probes [4], but also as chemical detection
sensors [5].
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The OFSs here described rely on the evanescent wave sensor concept developed by the authors
and described in References [6,7]. In this work, the sensors were developed to selectively detect the
diffusion of either salty water or hydrochloric acid (HCl), two of the several corrosion agents in the oil
and gas industry [8]. Epoxy and GFRP samples were prepared by embedding OFSs, and diffusion
was measured both by means of gravimetric measurements and by recording the response of the OFSs
with a custom-developed multichannel spectroscopic system. The samples equipped with optical
fiber sensors were also mechanically characterized and their properties were compared with pristine
samples in order to evaluate how the embedded sensors could affect the mechanical properties of
GFRP composites.

2. Materials and Methods

2.1. Fabrication of Optical Fiber Sensors, Their Embedding into Epoxy and GFRP and the Interrogation Setup

The OFSs were fabricated from a commercial glass optical fiber (GIF 625 silica multimode fiber,
Thorlabs). A 1.5-m-long optical fiber was cut from the spool for each sensor, and then one of the two
tips was mechanically uncoated (i.e., the polymeric coating was removed by means of a stripping
tool) and etched in hydrofluoric acid (HF) to remove the cladding, thus reducing the initial 125 μm
fiber diameter to ~60 μm in order to expose the core—guiding the optical signal—to the surrounding
environment. A reflective silver coating was then deposited onto the fiber tip by means of a quick
chemical procedure based on Tollen’s reagent [9]. The thickness of the silver coating was ~5 μm.
In this way, the optical signal traveling into the fiber core and containing the sensing information
could propagate back to the interrogation unit, thus realizing a single-ended sensor [7]. The sensitive
section of some of the sensors was specifically coated to make these sensors selective to HCl. Since
HCl dissolves aluminum, these sensors (here referred to as Al-OFSs) were prepared by depositing
a ∼100-nm-thick aluminum coating on the bare core of the etched fiber by means of magnetron
sputtering (Kenosistec, Plasma RF type).

Sensitive epoxy specimens (with dimensions of 100 × 15 × 5 mm) were prepared by embedding
the single-ended OFSs in the epoxy resin (Ampreg, Gurit, Switzerland) during the curing process
(Figure 1). Details of the curing process are reported in Reference [7]. The sensors were embedded
at different depths to detect chemical diffusion through the thickness of the polymer matrix and to
evaluate the dynamics of the diffusion.

Silver 
Mirror 

Etched sensitive part 

Epoxy 

The evanescent field extends into the epoxy polymer matrix 

Sensitive OFS Sputtered OFS with Al 

Al-OFS 

Figure 1. Scheme of an embedded optical fiber sensor (OFS) and sputtered OFS with aluminum
(Al-OFS) in an epoxy polymer matrix (adapted from Reference [10]).
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GFRP samples were prepared, following a similar workflow, by means of vacuum bag molding
infusion, using the same kind of epoxy resin that was used for the epoxy samples, and then introducing
an Advantex E-CR glass fiber fabric (Owens Corning, USA). The glass fiber plies were laid at
orientations of 0◦ and 90◦; three optical fiber sensors were deposited on the ply with an inter-distance
of 0.5 cm. A peel ply and a diffusion mesh were put on top of the glass fiber plies. A plastic foil seal
was used to cover all the plies and butyl tape was used to seal the infusion. The epoxy resin was mixed
at a ratio of 100:33 and degassed, as described in Reference [7]. Finally, it was infused and left for 24 h
at room temperature (r.t.) before proceeding with the thermal curing at 80 ◦C for 5 h.

The sensors were monitored by means of the setup shown in Figure 2. Each sensor is optically
supplied by a broadband source (Photonetics 3626BT), which emits a total maximum power of 25 mW
over the 1500–1600 nm range. A fiber optics switch (JDS Uniphase 2 × 16 SB series) enables up to 16
sensors to be swapped; these sensors are connected to the switch by movable connectors (Thorlabs
BFT-1). A fiber optic coupler separates the signal back-reflected from the sensor (which contains the
sensing information) from the transmitted signal. The signal is processed and displayed on a portable
spectrometer (Avantes AvaSpec-NIR256-1.7), which is able to measure spectra over the 1100–1700 nm
range. The measured signal is compensated for by the background noise of the spectrometer and the
spurious coupling between the source and the spectrometer. The system was designed for automatic
switching among the sensors and logging of the spectra through a LabVIEW custom-developed
program. The spectra may be recorded with a selectable sampling rate, and most of the experiments
were carried out by recording spectra every 5 min, lasting from a number of hours to days. The inset in
Figure 2 shows the arrangement of the experiments at high pressure (50 bars). In this case, the vessel is
placed in a separate room for safety reasons. The fibers, which cross the wall between the two rooms,
run through a Conax adaptor sealant. This adaptor has two holes in which up to four optical fibers
per hole can be inserted. The adaptor was screwed directly onto the vessel, into which N2 air gas was
pumped. Moreover, the vessel was connected to a network system in order to monitor the pressure
and temperature during the experiments.

 
Figure 2. Interrogation setup. The inset shows the arrangement for high-temperature/high-pressure
experiments (adapted from Reference [7]).

The diffusion coefficients were evaluated through gravimetric measurements (10 samples per test)
for artificial sea water (according to ASTM D1141-98(2013) [11]) at 80 ◦C and at 80 ◦C/50 bars, as well
as for HCl (37% Carlo Erba Reagents) at room temperature. The diffusion coefficient was calculated
from the absorption curves, i.e., weight gain versus time, assuming, as an approximation, an ideal
Fickian behavior using Equation (1) [12]:

D = π

(
h

4M∞

)2( M2 − M1√
t2 −

√
t1

)2
(1)
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where h is the sample thickness, M∞ is the weight gain at saturation, M1 and M2 are two experimental
values on the linear section of the weight gain curve, and t1 and t2 are the corresponding time spots
in s.

The expected diffusion length of the chemicals in the epoxy and GFRP was evaluated assuming
Fick’s model and considering constant diffusion coefficients (Equation (2)):

d = 2
√

Dt (2)

where d is the diffusion length, t is the time at which the chemical reaches length d, and D is the
diffusion constant.

Furthermore, the real part of the refractive index was measured with a refractometer (Metricon
2010/M, New Jersey, USA) on pristine and water-saturated epoxy samples.

2.2. Mechanical Characterization of GFRP

A tensile test and a three-point bending tests were carried out on the GFRPs, with and without
embedded sensors, to assess their mechanical properties and investigate whether and how embedded
OFSs could affect the composite. Two sets of samples, that is, 10 without OFSs and 10 with three
embedded OFSs, were prepared. The distance between the embedded optical sensors was ~1 cm.

The tensile test was carried out according to the ASTM D3039/D3039M-17 standard [13] using
a mechanical testing machine (Zwick 750, ZwickRoell GmbH and Co., Ulm, Germany). Samples
(250 mm × 25 mm × 2 mm) were arranged in the middle of holding grips, which had a gauge length of
50 mm. The load was applied by moving the cross-head at a speed of 2 mm/min.

Samples (80 mm × 15 mm × 2 mm) subjected to three-point bending were tested according to the
ISO 14125 standard [14] using a mechanical testing machine (Zwick 100, ZwickRoell GmbH and Co.,
Ulm, Germany). The load was applied by moving the cross-head at a speed of 1.5 mm/min.

3. Results and Discussion

3.1. Mechanical Properties

In order to demonstrate that the embedding of the OFSs does not affect the mechanical properties
of the composites, the GFRPs were mechanically tested with and without embedded OFSs. The results
of the tensile and three-point bending tests are summarized in Table 1. The results confirm that
the optical fibers have no relevant effects on the mechanical properties of the composites and are in
agreement with early studies [15], though attention should be paid if the composites are subjected to a
fatigue load. Furthermore, more specific mechanical characterizations should be carried out to assess
the possible effect of embedded OFSs on the final component properties.

Table 1. Mechanical test results of the tensile test and three-point bending test of GFRPs with and
without embedded OFSs.

Tensile Test Three-Point Bending Test

σ (MPa) E (GPa) σ (MPa) E (GPa)
GFRP 367 ± 15 22 ± 5 364 ± 24 17 ± 1

GFRP + OFSs 356 ± 23 20 ± 3 368 ± 26 17 ± 1

3.2. Characterization of Epoxy and GFRPs with Embedded OFSs in Artificial Sea Water at 80 ◦C

3.2.1. Gravimetric Measurements and Monitoring of Diffusion by Means of the Optical Fiber Sensors

OFSs were prepared and embedded in the epoxy matrix and in GFRP, as reported in Section 2.1.
Figure 3a,b show an epoxy and a GFRP sample, respectively.
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(a) 

 

(b) 

Figure 3. (a) Epoxy and (b) GFRP sample with embedded OFSs on the left-hand side.

The diffusion rates for the epoxy resin and GFRP were evaluated gravimetrically by immersing the
samples into artificial sea water (ASW) under two different conditions: At 80 ◦C and at 80 ◦C under 50
bars of pressure. The diffusion values were also evaluated for the same samples, but this time immersed
in HCl at room temperature. Figure 4 reports the weight gain versus time; the calculated diffusion
coefficients are reported in Table 2. The diffusion coefficients were used to predict the diffusion
time at a given depth using Equation (2). It is apparent from this table that the hydrostatic pressure
affects the diffusion coefficient of water at 80 ◦C. Several studies have attempted to clarify the effect
of hydrostatic pressure on water diffusion in composite materials [16–18], but the published results
are contradictory. However, it is difficult to foresee, in general terms, the role of hydrostatic pressure,
since the overall effect is due to a balance between the free-volume reduction (due to the increasing
compression forces on the composites) and the increase of the absorption driving force (due to the
increasing chemical potential in the liquid phase). In accordance with our study, Choqueuse at al. [17]
showed that increasing the pressure results in faster water diffusion rates for epoxy-based materials.

Figure 4. Weight increment of the epoxy and GFRP samples immersed in artificial sea water (ASW) at
80 ◦C, 80 ◦C under 50 bars of pressure and in HCl at room temperature.
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Table 2. Diffusion coefficients calculated from Figure 4. ASW = artificial sea water.

Epoxy GFRP

ASW 80 ◦C 8.8 ± 0.4 × 10−12 m2/s [7] 4.9 ± 0.1 × 10−12 m2/s
ASW 50 bars/80 ◦C 2.9 ± 0.1 × 10−11 m2/s 8.9 ± 0.1 × 10−12 m2/s

HCl r.t. 1.4 ± 0.4 × 10−11 m2/s 4.5 ± 0.2 × 10−12 m2/s

The epoxy and GFRP samples containing the embedded sensors were immersed in artificial sea
water heated to 80 ◦C for 96 h. The reflected signal from the sensors was recorded every 5 min over
a spectral range of between 1500 and 1600 nm. The recorded spectra did not show any change in
shape, whereas a drop in intensity was observed and ascribed to water diffusion. As discussed in
Reference [7], the spectral attenuation is probably due to a change in the optical properties, particularly
in the absorption coefficient of the epoxy surrounding the exposed core. The absorption coefficient
represents the imaginary part of the refractive index and it affects the attenuation of the sensing region
of the embedded optical fiber. In previous works (e.g., References [6,19]), it was demonstrated that
the increment of absorption in the infrared region of the spectrum, observed after water diffusion,
could be ascribed to OH stretching. Furthermore, the real part of the refractive index measured on
pristine and water-saturated samples was about 1.551 without a remarkable variation caused by water
exposure, hence concluding that the attenuation of the optical signal is caused by an increment of the
optical absorption of the epoxy in the recorded spectral range. The maximum intensity of the signal
provided by the source occurred at 1532 nm; hence, only this wavelength was analyzed in long-term
experiments, considering it as a satisfactory representation of the entire spectrum.

Figure 5a shows the signal intensity at 1532 nm recorded from three different OFSs embedded
in the epoxy at different distances from the surface. The signals from the optical sensors dropped at
different times according to the depths of the sensors. The first sensor, located at a depth of 2.5 ± 0.1
mm, showed a drop in the signal after approximately 43 h. The second sensor, located at a depth of
2.8 ± 0.1 mm, showed a drop in the signal after approximately 64 h. Finally, the third sensor, located
at a depth of 3.0 ± 0.1 mm, showed a drop in the signal after approximately 73 h. The calculated
diffusion times, related to the depth of the three sensors, were 44, 63 and 72 ± 1 h, respectively. Hence,
the OFSs were able to detect the water diffusion through the epoxy thickness with a very good time
accuracy, in accordance with the calculated diffusion time.

 
(a) 

(b) 

Figure 5. Signal intensity, at a wavelength of 1532 nm, from optical glass sensors embedded in: (a)
Epoxy at different depths and (b) GFRP samples. The samples were immersed in artificial sea water at
80 ◦C.

Figure 5b shows the signal intensity drop at 1532 nm from five different OFSs embedded in GFRP,
all of which were located at a distance of 0.9 ± 0.1 mm from the surface. As they were positioned at
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the same depth, the drop in the signals occurred at nearly the same time, i.e., after approximately 14 h.
Assuming the approximation of a Fickian behavior, and using the diffusion coefficient reported in
Table 2, the diffusion time for a thickness of 0.9 mm was 13 ± 1 h. This result shows that the OFSs also
detected the water diffusion with a good accuracy when embedded in the composite.

3.2.2. High-Pressure Experiments

In order to investigate the use of the OFSs under harsh conditions, bare OFSs were subjected to
high pressures. The reflected signal was continuously monitored by exposing the OFSs to pressures
ranging from 1 up to 75 bars, with a ramp pressure of 5 bars per minute. No degradation of the response
of the sensors was observed, thus showing that the OFSs could withstand high-pressure conditions.

On the basis of this preliminary test, epoxy and GFRP samples containing OFSs were tested in
artificial sea water at 80 ◦C under a pressure of 50 bars. The response of an OFS embedded in epoxy is
reported in Figure 6 as an example. In this case, the depth of the OFS, as measured with a microscope,
was 0.9 ± 0.1 mm. The reflected light intensity at 1532 nm showed a sharp decrease after around 3 h.
This time was in accordance with the theoretical diffusion time calculated to reach a depth of 1.1 mm.
Figure 6 also reports the signal recorded from an OFS embedded in GFRP and a drop was observed
after about 4 h. For this diffusion time, the expected diffusion depth was about 0.7 mm. The response
of the OFSs in these tests are in rough agreement with the expected diffusion time, yet they prove the
capability of non-destructive, real-time detection.

Figure 6. Signal intensity at a wavelength of 1532 nm from an OFS embedded in an epoxy and in
a GFRP at depths of 0.9 ± 0.1 mm and 0.8 ± 0.1 mm, respectively. The samples were immersed in
artificial sea water at 80 ◦C and 50 bars.

3.3. Hydrocloric Acid Detection

OFSs, conceived to be selectively sensitive to HCl, were fabricated as described in Section 2.1, but
the exposed core was then coated with a ~100-nm layer of aluminum. These sensors are here referred
to as Al-OFSs.

The calculated diffusion coefficients of HCl at room temperature in the pristine epoxy were
measured by means of a gravimetric test, as reported in Figure 4 and Table 2. Furthermore, epoxy
samples containing both standard OFSs and Al-OFSs were immersed in artificial sea water and HCl,
respectively, at room temperature, for up to 24 h. The results of the diffusion experiment are shown
in Figure 7. Figure 7a reports the signal intensity recorded at 1532 nm, as a function of time, for the
sensitive epoxy sample immersed in artificial sea water. On the other hand, Figure 7b depicts the
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outcome for the sensitive sample subjected to HCl. It can be observed that the standard OFSs detected
both water and HCl diffusion, whereas the Al-OFSs were only responsive to HCL, since HCl can
solubilize the thin Al-layer, thus enabling the core to be sensitive to changes in the refractive index and
absorption of the epoxy. This is a proof-of-concept that the integration of OFSs and Al-OFSs can be
exploited to selectively detect the diffusion of water and acid.

(a) (b) 

Figure 7. Signal intensity at a wavelength of 1532 nm from sensors embedded in the epoxy exposed to
(a) artificial sea water and (b) HCl. The aluminum optical fiber sensors (Al-OFS) are sensitive to HCl,
whereas they do not exhibit any response to artificial sea water.

Analogous experiments were then performed with GFRP samples. Figure 8 reports the response
of two sensitive samples exposed to artificial sea water and HCl at room temperature. While the signal
drop was not the same for all the sensors, they exhibited the same behavior as those in epoxy. The
standard OFSs detected the diffusion of both water and HCl, whereas the Al-OFS were only effective
in sensing the diffusion of HCl. The time response was once more in agreement with that expected
from Fick’s diffusion model.

 

(a)  (b) 

Figure 8. Signal intensity at a wavelength of 1532 nm from sensors embedded in GFRP exposed to
(a) artificial sea water and (b) HCl. The Al-OFS are sensitive to HCl, whereas they do not exhibit any
response to artificial sea water.

The fabrication process reproducibility of these sensors still demands some improvements, as can
be observed by comparing the initial and final intensity levels of the signals collected from the different

101



Materials 2019, 12, 379

experiments (Figures 5–8). The initial reflectivity (i.e., the initial recorded signal) is strongly dependent
on the quality of the mirror realized on the fiber’s tip, as well as on the connection to the interrogation
unit. Furthermore, the variation observed on the final levels could be ascribed to the effective length of
the sensing region, which is not perfectly controlled during fabrication.

4. Conclusions

Novel, single-ended, optical fiber sensors for the detection of chemicals have been fabricated,
embedded, and tested in an epoxy resin and glass fiber-reinforced polymers. These sensors, which rely
on evanescent field sensing, have the additional advantages of being single-ended and of being able to
work as probes. A procedure to embed the optical fiber sensors has been developed and experimentally
optimized. A setup for the continuous monitoring of the sensors has been designed to remotely track
the embedded sensors. The recorded optical data of samples immersed in artificial sea water at 80 ◦C
showed that it is possible to detect water diffusion by observing decreases in the spectral reflection
from the sensors. The results were then corroborated by means of gravimetric measurements and a
Fickian diffusion model. Tests conducted for up to 100 hours showed that the response of the sensors
embedded at increasing depths in the samples was in full agreement with the expected diffusion time.
Experiments at high pressure, carried out in a special vessel, also exhibited acceptable agreement
between the experimental data and the calculated diffusion time. Furthermore, tests at high pressure
yielded some knowledge about the installation of optical fiber sensors in harsh environments and at
hard-to-reach locations.

By tailoring the sensors, it was possible to selectively detect the diffusion of hydrochloric acid.
To implement this feature, the standard fabrication process was upgraded by coating the etched fiber
with a 100-nm aluminum layer, which reacted to the hydrochloric acid.

Embedding optical glass fibers in the GFRP composites did not influence their mechanical
properties, as shown by means of a tensile test and a three-point bending test.

In short, this research has provided a proof-of-concept of a sensitive GFRP composite that could
be used, for example, in a pipeline to monitor the diffusion of chemicals in real time and provide
information in order to reduce maintenance services.

5. Patents

M. Salvo, M. Sangermano, C. Marro Bellot, M. Olivero, Optical Sensor, Process for Making Such
Sensors and Evaluation System Comprising at Least One of Such Sensors, 2018WO–IT00059, 2017.
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Abstract: Resorbable (Vicryl® Plus) sutures were coated with zinc-doped glass (Zn-BG) and
silver-doped ordered mesoporous bioactive glass (Ag-MBG) particles by a dip coating technique.
A multilayer approach was used to achieve robust coatings. The first coating was a polymeric layer
(e.g., PCL or chitosan) and the second one was a composite made of BG particles in a polymer matrix.
The coatings were characterized in terms of morphology by scanning electron microscopy (SEM),
in vitro bioactivity, and antibacterial properties. Chitosan/Ag-MBG coatings showed the ability to
form hydroxyl-carbonate-apatite on their surfaces after immersion in SBF. An antibacterial effect
against Gram (+) and Gram (-) bacteria was confirmed, highlighting the potential application of the
coated sutures for antibiotic-free approaches.

Keywords: Zinc; silver-doped mesoporous glass; chitosan; PCL; Vicryl Plus suture; dip coating

1. Introduction

Due to their widespread application in medicine, e.g., routine skin laceration or organ
transplantation [1,2], sutures are one of the largest groups of medical devices implanted in humans
(250 million per year only in the USA) [3]. Sutures can be produced using natural or synthetic
materials and can be resorbable or non-resorbable [4]. Prominent synthetic bio-resorbable materials
used for sutures are polyglycolic acid (PGA), polylactic acid (PLA), or polyglycolide lactide
copolymers (PLGA). One example for PLGA sutures is Vicryl® (Ethicon Inc., Edinburgh, Scotland),
a widespread braided suture made of polyglactin 910, copolymer of glycolide, and lactide moieties
at a ratio of 90:10. Sutures like Vicryl® are often used because of their good mechanical properties,
high reproducibility, and minimal tissue reaction. To further strengthen the bond between suture and
tissue, several researchers have investigated the coating of sutures with bioactive substances such as
bioactive glass [1,5–8]. Bioactive glasses (BGs) have been shown to bond strongly to bone as well as to
soft tissues [9–11]. Stamboulis et al. [7] coated biodegradable sutures with bioactive glass (45S5 BG) to
tailor biodegradability, to avoid a heterogeneous degradation and to improve the mechanical properties
of the suture when exposed to body fluids. Pratten et al. [1] coated Mersilk® (Ethicon Inc., Edinburgh,
Scotland) sutures with Ag-doped BG by a conventional slurry-dipping technique. Ag-doped BG
was used to make the suture bioactive and antibacterial. The coated sutures showed antibacterial
properties against Staphylococcus epidermidis, limiting the bacteria adhesion to the surface of the samples.
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The use of antibacterial bioactive glasses is being considered to replace the controversially discussed
triclosan [7,12–14] used in Vicryl® Plus (Ethicon Inc., Edinburgh, Scotland) sutures.

The introduction of a foreign device in the human body can induce inflammatory reactions
or introduce pathogens on site, which in turn could cause infections. Studies have shown that in
2%–5% of all surgeries, surgical site infections (SSIs) can occur [6] with consequent delays in healing,
inconvenience for the patient, and in some extreme cases, even leading to death. In addition, SSIs are
estimated to cause extra healthcare costs of 1.5 billion dollars just in the USA alone [1,6]. Recent studies
have proposed the use of local drug delivery systems to limit bacterial infection after surgeries [15].
The introduction of a local drug delivery system offers a reduction of toxicity and side effects and
the possibility to have an effective, highly controlled release. Mesoporous bioactive glasses (MBGs),
first reported in 2004 [16], have been proposed as optimal candidates as local drug delivery vehicles.
Thanks to their textural properties (e.g., large surface area, ordered mesoporosity with pores in a range
of 2–50 nm) MBGs can be used for the release of biologically active molecules with specific effects on
cells [17–21].

In the present work, composite sutures were produced combining commercially available sutures
(Vicryl® Plus) with silver containing ordered mesoporous bioactive glass (Ag-MBG) and with melt
derived BG-doped with zinc (Zn-BG) particles applying, a dip coating technique. To improve
the adhesion of the BG particles on the surface, two different polymers were used: chitosan and
poly(ε-caprolactone) (PCL) and layered coatings were produced. Sutures were characterized in
terms of acellular in vitro bioactivity by immersion in simulated body fluid (SBF) and antibacterial
properties against Gram-positive Staphylococcus carnosus and Gram-negative Escherichia coli. The knot
test was also performed to verify the stability and attachment of the coatings to the substrate.
The BG/polymer-coated sutures developed in this study represent an innovative advance from the
first BG-coated sutures reported earlier [5,6,8]. The novelty of this work is indeed the use of ordered
mesoporous glass particles, which can be further loaded with growth factors or drugs (e.g., antibiotics
or anti-inflammatories), and by the use of a layered polymeric matrix able to improve the adhesion of
the BG particles on the surface and to modulate the release of antibacterial ions.

2. Results

2.1. Microstructural Observations

The slurry dipping technique was optimized for the coating of Vicryl® sutures with Ag-MBG
or Zn-BG particles. Qualitative analyses of the morphology and uniformity of the coatings were
performed by visual inspection and SEM observation of the glass particles attached on the surface of
the samples. Figure 1 shows SEM micrographs of “as-received” and coated sutures. SEM observation
confirmed that all coatings homogeneously covered the surface of the sutures.

The adhesion strength of the BG particles to the suture surface was not quantitatively evaluated.
However, the coating stability was assessed by performing a knot test. SEM observation revealed
that the majority of the coating was detached after the knot test, suggesting that the glass particles
weakly adhered to the suture surface. Parts of the coating were peeled off, more at the chitosan/BG
composite coating. On the other hand, the PCL/BG composite coating was more rigid and it was
harder to perform the test. SEM micrographs documenting this behavior are shown in Figure 2.
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Figure 1. SEM micrographs showing the morphology of: (a) Uncoated Vicryl® Plus suture,
(b) chitosan/Ag-MBG-coated suture, (c) PCL/Ag-MBG-coated suture, (d) Chitosan/Zn-BG-coated
suture, and (e) PCL/Zn-BG-coated suture.

Figure 2. SEM micrographs of coated sutures after the knot test. (a) Chitosan/Ag-MBG,
(b) PCL/Ag-MBG, (c) Chitosan/Zn-BG, and (d) PCL/Zn-BG.

2.2. Bioactivity Tests

In vitro bioactivity tests were performed by soaking the sutures in SBF for up to seven
days. Results after three days are shown in Figure 3. After three days of immersion in SBF,
the chitosan/Ag-MBG-coated suture was homogeneously covered by a layer, which appears to be
hydroxyl-carbonate-apatite (HCA). On the other hand, PCL/Ag-MBG and PCL/Zn-BG-coated sutures
did not show the presence of HCA even after 28 days of immersion in SBF. This result could be
explained by the low amount of particles observed on the surface of the PCL samples. Moreover,
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similar results were shown by Miola et al. [22], who tested the ability of powdered Zn-MBG to form
HCA, soaking it in SBF for up to 28 days, without finding any evidence of HCA formation.

 
Figure 3. SEM micrographs of uncoated Vicryl® Plus sutures. (a) Chitosan/Ag-MBG coated suture,
(b) PCL/Ag-MBG-coated suture, (c) chitosan/Zn-BG suture, (d) PCL/Zn-BG suture, and (e) suture
after 3 days of immersion in SBF: The chitosan/Ag-MBG-coated suture developed a layer, which can
be ascribed to hydroxyl-carbonate-apatite based on its morphology.

2.3. Antibacterial Tests

Qualitative antibacterial tests with coated sutures were performed. Agar diffusion tests were
carried out to assess the antibacterial properties of the coated sutures against both Gram-positive
and Gram-negative bacteria (Figure 4). Uncoated sutures were taken as reference. After 24 h of
incubation at 37 ◦C and high humidity (~80%), an inhibition halo with no bacteria is clearly visible for
chitosan/Zn-BG (Figure 4i,ii, sample d)) and chitosan/Ag-MBG (Figure 4i,ii, sample c)) coated sutures
for both the selected strains. However, an inhibition zone is also present around the uncoated suture
(Figure 4i,ii, sample a)) due to the presence of a triclosan layer in the as-received sutures. In addition,
no inhibition zone was observed on samples coated with PCL and containing Ag-MBG and Zn-BG
(Figure 4i,ii, samples b and e respectively). This result suggests that the polymeric coating reduces the
antibacterial effect of triclosan and that the halos of PCL/BG and chitosan/BG samples are actually
induced by the progressive release of Ag+ and Zn2+ from the MBG and BG particles present in the
coatings, respectively. Further studies should be performed to clarify the mechanism of antibacterial
activity of Vicryl® Plus sutures combined with Ag+ and Zn2+ ion release.
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Figure 4. Agar-disk diffusion test with (i) Gram-positive (S. carnosus) and (ii) Gram-negative
(E. coli) bacteria with (a) uncoated VICRYL® Plus, (b) PCL/Ag-MBG, (c) chitosan/Ag-MBG,
(d) chitosan/Zn-BG, and (e) PCL/Zn-BG.

3. Discussion

The aim of this work was the development of composite coatings based on Zn-BG or
Ag-MBG particles embedded in a polymer matrix of either chitosan or PCL for surgical sutures.
Commercially available Vicryl® (Polyglactin 910) sutures were coated with chitosan/silver-doped
ordered mesoporous bioactive glass (Ag-MBG), PCL/Ag-MBG, chitosan/Zn-BG, and PCL/Zn-BG,
using a slurry dipping method previously applied in other studies [1,5,7]. The dipping process was
optimized and uniform and homogeneous coatings were obtained in case of chitosan/BG coated
sutures. On the contrary, sutures coated with PCL/BG were characterized by the presence of a lower
amount of BG particles, as a consequence of the lower BG concentration used for the preparation of the
slurry. The acellular in vitro bioactive behavior of the coated sutures was investigated by immersing
the samples in SBF for three days. SEM observations revealed that the chitosan/Ag-MBG coated suture
was able to form HCA on the surface after 3 days of immersion in SBF. Similar results were obtained
by Blaker et al. [5], who coated commercially available Mersilk® and Vicryl® sutures with silver-doped
BG. The authors observed the formation of crystalline HA after three days in SBF. In another work,
Stamboulis et al. [7] corroborated that the coating of commercially available sutures with bioactive glass
particles could act as a protective “shield”, affecting the extent and rate of degradation of the sutures.
However, also considering the present results, further investigations are necessary to understand the
effect of the thickness and microstructure of the bioactive glass coating on the overall degradation
rate and strength retention of the sutures. The adhesion and stability of the coatings were tested
qualitatively, performing the knot test. Both coatings revealed limited adhesion and low mechanical
stability on the substrate. However, the PCL/BG coated sutures showed better adhesion, which is
probably due to the presence of fewer BG particles on the surface or due to the viscosity of the PCL
solution produced in this work.

The antibacterial properties of the coated sutures were tested by means of agar diffusion
tests. BG-coated sutures showed clear inhibition zones, which demonstrate their antibacterial effect.
However, it should be noted that also pristine Vicryl® Plus sutures showed an inhibition zone. This can
be explained by the fact that this type of resorbable suture is subject to a surface treatment with
triclosan, a widespread antiseptic. Nowadays, the use of triclosan is being critically discussed because
some studies have indicated that this compound could promote liver tumors and provoke muscle
weakness [12–14]. For this reason, in the last years, researchers have focused their attention on the
development of new materials doped with biologically active ions (e.g., Fe, Cu, Ag, or Ga) able to limit
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bacteria adhesion and proliferation [23–25]. Nevertheless, it should be noted that the sutures coated
with PCL/BG did not show any antibacterial effect against both Gram-positive and Gram-negative
bacteria. It might therefore be possible that the coating isolates the triclosan layer, hindering its
antibacterial effect. For this reason, it can be ascertained that the antibacterial effect observed for
chitosan coatings is due to the well-known bactericidal effect of silver and zinc ions and not to the
presence of triclosan. The antibacterial activity of β-chitin/ZnO nanostructured composites was
already investigated by Wysokowski et al. [26]. The authors corroborated that the antibacterial activity
of chitin/ZnO composite could be caused by the formation of reactive oxygen species in the presence
of light. The formation of these active radicals (e.g., OH− or H2O2) can provoke the oxidative stress in
the bacteria, leading to perturbation of the cell membrane and damage of cell proteins and DNA [26].
The antibacterial activity of silver ions has been extensively investigated. Studies [8,24,27] have
shown that Ag+ can cause the detachment of the cytoplasm membrane of bacteria from the cell wall,
compromising the bacteria’s ability to replicate [27,28]. Moreover, bioactive glasses doped with Zn and
their possible application as scaffolds for bone tissue engineering, bone filling granules, bone cements,
and coatings for orthopedic applications have been widely investigated [29]. Studies [30,31] have also
shown the great antimicrobial properties of Zn against both Gram (+) and Gram (-) bacteria.

However, further tests should be carried out to better understand the antibacterial mechanism
of the present antibacterial sutures, in particular the possible combined effects of BGs and triclosan,
which may lead to a reduction or even elimination of triclosan to achieve the desired antibacterial effect.

4. Materials and Methods

Undyed braided 4-0 Vicryl® Plus sutures (Ethicon Inc., Edinburgh, Scotland) were used.
The material is braided from fine filaments of Polyglactin 910, a copolymer of glycolide and lactide at a
ratio of 90:10. The braided sutures are additionally coated with Irgacare® MP (Triclosan). The sutures
were cut into pieces of 1 cm length (the dimension was measured by means of a caliper) and they were
coated by either zinc-doped melt derived BG (ZnBG, composition: 46.13 mol.% SiO2, 24.35 mol.% Na2O,
2.60 mol.% P2O5, 20.91 mol.% CaO, 6 mol.% ZnO) or silver-doped mesoporous ordered BG (Ag-MBG,
composition: 78.00 mol.% SiO2, 1.20 mol.% P2O5, 20 mol.% CaO, 0.8 mol.% AgO), developed in
previous works [22,27]. Chitosan (medium molecular weight 190-310 kDa, with 75–85% deacetylation
degree) and poly(ε-caprolactone) (PCL, average Mn 8000) were purchased from Sigma-Aldrich
(Schnelldorf, Germany) and used without further purification. A two-step coating was used to
improve the adhesion between suture and coating; the first layer consists of a polymeric layer (chitosan
or PCL) and the second one was a mixture of chitosan or PCL and Ag-MBG or Zn-BG particles.
A slurry dipping method was performed manually in a glass beaker placed on a magnetic stirrer.
An optimization process based on trial-and-error was used to determine the optimal composition of
the slurry required to obtain uniform and homogeneous coatings.

The first layer was obtained by dipping the suture for 1 min in an aqueous chitosan (with 4% v/v
acetic acid and 2% w/v chitosan) or PCL solution (with 50% v/v formic acid, 50% v/v acetic acid and
15% w/v PCL) and letting them dry for 24 h at room temperature. The second layer was applied by
dipping the suture for 2 min into a suspension made of BG powder and chitosan/PCL. The second
layer of chitosan/BG was prepared as follows: the chitosan solution mentioned beforehand was mixed
with an aqueous slurry containing 40 wt.% BG (mixed for 2 h) and then stirred for 4 days. On the other
hand, the second layer of PCL/BG was prepared by adding to the afore-mentioned PCL solution 30%
w/v (with respect to PCL) of BG particles and the resultant suspension was stirred for 2 h. All slurries
were produced by using benign solvents, which led to an increase in preparation time but enabled a
safer work environment and may lead to a better biological compatibility of the coatings.

The microstructure and uniformity of the coatings were investigated using a light microscope
(Leica M50 and IC80, Application Suite LAS V3.8 software, Leica Microsystems GmbH, Wetzlar,
Germany) and scanning electron microscopy (SEM) (Gemini, Auriga, Carl Zeiss AG, Jena, Germany).
The ability of coated and non-coated Vicryl® sutures to form hydroxyl-carbonate-apatite (HCA) once
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in contact with biological fluids was assessed by immersion in simulated body fluid (SBF) for different
time periods. The standard procedure described by Kokubo et al. [32] was used to carry out these
experiments. Samples were placed on CellCrowns™ (Scaffdex Ltd., Tampere, Finland) inserts and
immersed in 6 mL of SBF for up to 3 days. Once removed from incubation, the samples were rinsed with
deionized water and left to dry at room temperature. The adhesion and stability of the coating were
qualitatively evaluated by performing a knot test. The following operations were performed: threading
through the eyes of surgical needles, tying a surgical knot, and bending the extremes of the sutures.
After these operations, the surface of the samples was observed by SEM. The antibacterial properties
of the coated sutures were evaluated using agar diffusion tests against Escherichia coli (Gram-negative)
and Staphylococcus carnosus (Gram-positive). These bacteria were chosen because they are common
bacteria responsible for infections [33] and they enable the direct comparison between Gram-positive
and Gram-negative strains. The bacteria were obtained from the Microbiology Department of the
University of Erlangen-Nuremberg, where they were routinely isolated and characterized. The bacteria
population was suspended in LB (lysogeny broth) medium and its optical density (O.D.) was adjusted
(at 600 mm, Biophotometer Plus, Eppendorf AG, Hamburg, Germany) to reach the value of 0.015. Then,
20 μl of the prepared medium was deposited and spread homogeneously onto a Petri dish of 10 cm
diameter, which was previously covered with a uniform layer of LB-Agar. The samples (sutures) of 1.5
cm length) were placed on top and incubated overnight at 37 ◦C and at high relative humidity (~80 ◦C).
The next day, the halo of the bacterial growth inhibition zone was evaluated optically and computed.

5. Conclusions

Surgical sutures were successfully coated by a two-step coating process to improve the adhesion
between suture and coating: The first layer consisted of a polymeric layer (chitosan or PCL), and the
second one formed by a mixture of chitosan or PCL and Ag-MBG or Zn-BG particles. Ag-MBG
coated sutures showed a high reactivity once in contact with simulating body fluid, developing a
layer of HCA after three days of immersion, while Zn-BG did not lead to HCA formation. Moreover,
the chitosan coated samples showed promising results in terms of antibacterial properties against
both Gram-positive and Gram-negative strains. Coatings with PCL did not show any antibacterial
properties, which might be due to the low glass concentration present in the outer layer of the coating.
Future investigations to determine the mechanical properties of coated sutures should be performed,
e.g., by combining both polymers, in different layer structures and by optimizing the BG content.
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Abstract: Dopamine is a small molecule that mimics the adhesive component (L-DOPA) of
marine mussels with a catecholamine structure. Dopamine can spontaneously polymerize to
form polydopamine (PDA) in a mild basic environment. PDA binds, in principle, to all types of
surfaces and offers a platform for post-modification of surfaces. In this work, a novel Ag-containing
polydopamine coating has been developed for the functionalization of bioactive glass-ceramics.
In order to study the interactions between the surface of uncoated and coated samples and the
environment, we have measured the surface zeta potential. Results confirmed that PDA can interact
with the substrate through different chemical groups. A strongly negative surface zeta potential was
measured, which is desirable for biocompatibility. The dual function of the material, namely the
capability to exhibit bioactive behavior while being antibacterial and not harmful to mammalian
cells, was assessed. The biocompatibility of the samples with MG-63 (osteoblast-like) cells was
determined, as well as the antibacterial behavior against Gram-positive Staphylococcus carnosus and
Gram-negative Escherichia coli bacteria. During cell biology tests, uncoated and PDA-coated samples
showed biocompatibility, while cell viability on Ag-containing PDA-coated samples was reduced.
On the other hand, antibacterial tests confirmed the strong antimicrobial properties of Ag-containing
PDA-coated samples, although tailoring of the silver release will be necessary to modulate the dual
effect of PDA and silver.

Keywords: polydopamine; silver; antibacterial; biocompatibility; bioactive glass-ceramic; coatings

1. Introduction

The average life expectancy of humans is increasing worldwide thanks to advances in medicine
and science. As a consequence, there has been an increase in osteoarthritis and other pathologies in
elderly people, who consequently require orthopedic and dental implants [1]. The introduction
of implants has the intrinsic risk of microbial infection, which can lead to implant failure.
Bacterial infections are becoming more difficult to treat due to antimicrobial resistance (AMR). In the
European Union, which has a population of ~500 million people, there are about 25,000 deaths per
year due to bacterial infections [2]. Not only does this represent an unacceptable loss of lives, it carries
an economic burden; if AMR is not controlled, the annual global gross domestic product will lose
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3.8% by 2050 [3]. New approaches must therefore be put forward to prevent bacterial colonization of
different surfaces, thus limiting the spread of infections.

Numerous biomaterials have been developed over the years for the application as orthopedic or
dental implants, including stainless steel 316 L, cobalt-based alloys, titanium and its alloys, polymers,
glass-ceramics and bioactive glasses, and their composites [1]. Among these, bioactive glasses and
glass-ceramics have received much attention, because of their desirable mechanical properties and
their capability to interact with hard [4,5] and soft tissues [6].

Surface functionalization offers the possibility to tailor the properties of a material’s surface
to obtain an optimal interface between the substrate and the biological environment [7]. Since the
discovery of the outstanding properties of polydopamine [8], several materials have been coated
with this oligomer, which mimics the molecules found near the plaque–substrate interface of
mussels [8–10]. Thanks to the presence of catechol, amine, and imine moieties in its structure,
polydopamine can undergo further functionalization by electroless metallization with copper or
silver [11,12]. Silver nanoparticles and nanocomposites are well known for their strong antibacterial
capabilities [13,14]. Silver has been also shown to be non-cytotoxic to human cells [13–15].

The incorporation of silver in bioactive glasses has been investigated for many years [16–18].
This is usually achieved by the sol-gel technique; another option is to coat the surfaces with silver using
different techniques such as plasma spraying, molten salt ion exchange, or sputtering [16,17,19,20].

Coatings, based on polydopamine incorporating silver particles, represent an attractive approach
to obtain dual-functional composite layers on the surface of biomaterials. Such composites
should facilitate interactions with biological tissues without showing cytotoxicity and also exhibit
antibacterial capability [21–25]. In our previous study [26], Ag-containing polydopamine coatings
on bioactive glass-ceramic surfaces were developed; however, only a limited characterization of the
coatings has been reported. In this work, such coatings have been characterized by testing their
biocompatibility. We have carried out antibacterial tests against Gram-positive Staphylococcus carnosus
and Gram-negative Escherichia coli bacterial strains. We have further conducted studies regarding the
surface zeta potential of the samples and hypothesize that due to the presence of several chemical
moieties, polydopamine can bind differently to different biomaterials depending on the characteristics
of the substrate.

2. Materials and Methods

2.1. Fabrication of the Samples and Structural Characterization

All tests were performed on sintered glass-ceramic (labelled BGC1) pellets, uncoated and
coated with PDA and PDA@Ag (BGC1@PDA, BGC1@PDA@Ag), of which the details are described
elsewhere [26]. Briefly, we produced a melt-derived glass of the nominal composition BGC1 (in
wt%): 47.8% SiO2, 4.9% Na2O, 0.4% K2O, 30.6% CaO, 2.9% MgO, 11.8% P2O5, and 1.6% CaF2.
Ground BGC1 powder was then cold-pressed at 0.7 MPa for 30 s to form cylindrical pellets with
a diameter of 11 mm and a height of 3 mm. The pellets were sintered at 860 ◦C for 30 min.
In order to coat the pellets with polydopamine, sintered pellets were immersed for 24 h in aqueous
solution of dopamine hydrochloride (Sigma-Aldrich, Schnelldorf, Germany) in Tris-buffer solution
(Tris(hydroxymethyl) aminomethane, Sigma-Aldrich, Schnelldorf, Germany). The solution’s pH value
was adjusted to pH 8.5 using HCl 1 M. The pellets were then thoroughly rinsed with deionized
water. Additionally, the PDA-coated pellets (BGC1@PDA) were further functionalized by immersing
them for 24 h in an aqueous solution of AgNO3 5 × 10−3 M (Sigma-Aldrich, Schnelldorf, Germany).
BGC1@PDA@Ag pellets were then rinsed with deionized water and allowed to dry in normal air.

The surface roughness was measured for each type of coating by using a laser profilometer (UBM
Microfocus Expert, ISC-2). A measurement length of 5 mm was used with a scanning velocity of
400 points per second. The mean roughness (Ra) and maximum roughness (Rmax) were calculated
using the LMT Surface View UBM software (UBM Messtechnik GmbH, Ettlingen, Germany). Ra is
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calculated as the average roughness of the coating’s surfaces by measuring microscopic peaks and
valleys, while Rmax is calculated by measuring the vertical distance from the highest peak to the lowest
valley. Three samples were measured for each type of coating, and mean values of Ra and Rmax were
reported with standard deviation.

Morphological analysis of the samples, prior to and after coating, was performed by means
of scanning electron microscopy (SEM) (Auriga SEM instrument Zeiss, Oberkochen, Germany).
Samples were sputter-coated with gold in vacuum.

2.2. Surface Zeta Potential

The zeta potential of the samples was measured by means of the streaming potential technique,
using an electrokinetic analyser (SurPASS, Anton Paar, Graz, Austria) equipped with an adjustable
gap cell. All measurements were performed in simulated body fluid (SBF) [27], which was diluted in
ultrapure water up to a pH of about 7.4 and had a conductivity close to 16 mS·m−1 (measured by the
monitoring function of the instrument), without pH titration during measurements. For the analyses,
two cylindrical samples (11 mm diameter, 3 mm height) were prepared for each type (bare BGC1,
BGC1@PDA and BGC1@PDA@Ag) and mounted parallel to each other on the sample holder of the cell.
The gap was adjusted close to 100 μm and the electrolyte flow to approximately 100 mL·min−1. The zeta
potential values were obtained from measured streaming currents using the Helmholtz–Smoluchowski
Equation (1):

ζ =
dU
dp

× η

ε× ε0
× κB, (1)

where dU/dp is the slope of streaming potential vs. differential pressure, η is electrolyte viscosity, ε is
dielectric coefficient of electrolyte, ε0 is permittivity, and κB is electrolyte conductivity.

2.3. Preconditioning of the Samples

Uncoated BGC1 pellets were sterilized by dry heat (160 ◦C for 2 h). The samples were placed in a
24-well plate and covered with 1 mL DMEM (+10% FBS, +1% penicillin/streptomycin (PS)). The pH of
the medium was measured after 1, 2, 3, 4, 7, and 8 days. Measurements were made in duplicate and
the average was calculated. After the measurements, the medium was removed and fresh medium
was added. The preconditioning of the samples was carried out under sterile conditions.

2.4. Cell Biology Studies

2.4.1. Cell Seeding and Culture

MG-63 (osteoblast-like) cells (Sigma-Aldrich, Schnelldorf, Germany) were used. The cells were
cultured at 37 ◦C in an atmosphere of 95% humidified air and 5% CO2, in Dulbecco’s modified
Eagle’s medium (DMEM; Gibco, ThermoFisher Scientific, Waltham, MA, USA) supplemented with
10 vol % fetal bovine serum (FBS; Gibco, Germany) and 1% of penicillin/streptomycin (PS; Gibco,
ThermoFisher Scientific, Waltham, MA, USA). Cells were grown to 80% confluence in 75 cm2 culture
flasks, washed with phosphate buffered saline and detached using trypsin/EDTA (Sigma-Aldrich,
Schnelldorf, Germany). Cells were counted by a hemocytometer (Neubauer improved) and diluted
with culture medium to a final concentration of 1 × 105 cells/mL. Subsequently, 1 mL of cell solution
was seeded in direct contact in a 24-well cell culture plate. To ensure statistical significance, eight
replicates of each sample type were performed.

2.4.2. Cell Viability

The viability of MG-63 cells was assessed using the WST-8 assay kit (Sigma-Aldrich, Schnelldorf,
Germany). WST-8 (2-(2-methoxy-4-nitrophenyl)-3-(4-nitrophenyl)-5-(2,4-disulfophenyl)-2H-tetrazolium,
monosodium salt) is reduced by cellular dehydrogenase to a formazan product, which is directly
proportional to the number of living cells.
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After 48 h of incubation, the culture medium was completely removed, and samples were washed
with PBS. Subsequently, 0.25 mL of WST-8 medium (containing 1 vol % of WST-8 reagent and 99 vol %
of DMEM medium) was added and incubated for 2 h. Afterwards, 100 μL of supernatant from each
sample was transferred into a well of a 96-well plate, and the absorbance at 450 nm was measured with
a microplate reader (PHOmo, Autobio Labtec Instruments Co. Ltd., Zhengzhou, China). From the
obtained absorbance, the cell viability was calculated by taking the absorbance of each specimen (Ai)
and of the respective control (A0) as follows:

Cell viability(%) =
Ai

A0
× 100, (2)

2.4.3. Cell Morphology

To visualize the adhered cells on the samples, green Calcein AM (calcein acetoxymethyl ester,
Invitrogen, ThermoFisher Scientific, Waltham, MA, USA) cell-labelling solution was used to stain the
cytoplasm of the cells. Cell culture medium was removed and 0.25 mL of staining solution containing
0.5 vol % of dye-labelling solution and 99.5 vol % of PBS was added to the samples and incubated
for 30 min. Afterwards, the solution was removed and the samples were washed with 0.5 mL PBS.
Cells on the surface were fixed by 3.7 vol % paraformaldehyde. Samples were washed with PBS again
and blue fluorescent DAPI (4′,6-diamidino-2-phenylindole dihydrochloride, Roche, Basel, Switzerland)
was added to stain the nucleus. The samples were incubated for 5 min, and the solution was removed.
The samples were left in PBS for microscopic viewing, using a fluorescence microscope (Axio Scope,
ZEISS, Jena, Germany).

2.5. Statistical Analysis

The differences in analytical parameters between the different samples were analyzed by one-way
analysis of variance (ANOVA). The significance level was set as * p < 0.05, ** p < 0.01 and *** p < 0.001.
For comparison of the mean values, the Tukey post hoc test was used (N = 8).

2.6. Antibacterial Tests

A direct contact bacterial assay was performed on uncoated and coated BGC1 pellets.
The dimensions of the pellets were 10 mm (diameter) and 2 mm (height). The samples were tested
before and after a pre-incubation time of 8 days in DMEM (Dulbecco’s modified Eagle’s medium) to
maintain the same conditions as in the case of cell viability tests.

Prior to coating the samples, they were dry-sterilized in an oven at 160 ◦C for 2 h.
Afterwards, the samples were coated as described elsewhere [26]. After the coating of the samples,
they were sterilized by UV irradiation for 1 h.

Gram-positive Staphylococcus carnosus and Gram-negative Escherichia coli were chosen as test
bacterial strains. Isolated colonies of both Gram-positive and Gram-negative bacteria were suspended
in 10 mL of lysogeny broth (LB #968.1, Carl Roth GmbH) and grown overnight in an orbital shaker at
100 rpm at 37 ◦C.

The next day, the fresh bacteria suspension was diluted to an optical density of 0.015 at 600 nm
(OD600) (Biophotometer Plus, Eppendorf AG, Hamburg, Germany).

Uncoated and coated samples were placed in a 24 well-plate with 2 mL of LB, and fresh bacteria
suspension was inoculated into the samples and put in the incubator at 37 ◦C. Optical density (OD600)
was measured after 1, 4, 8, 24, and 48 hours. To ensure statistical significance, three replicates of each
sample type were performed. In addition, bacterial cultures were done in duplicate, on different days.
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3. Results and Discussion

3.1. Structural Characterization

The surface roughness was measured, and results are summarized in Table 1. It can be seen
that for all samples the roughness is quite homogeneous. In this case, the roughness measurements
are related to the substrate only, since polydopamine coating has been determined to be ~50 nm in
thickness, as reported in literature [9,28]. In this way, for the roughness measurements, the influence
of the substrate would be more significant than the polydopamine film itself.

Table 1. Roughness measurements of the different samples investigated.

- Ra (μm) Rmax (μm)

Sintered ceramic-glass pellets, uncoated (BGC1) 1.4 ± 0.3 12 ± 5
BGC1 coated with polydopamine (BGC1@PDA) 1.0 ± 0.2 8 ± 2

BGC1 coated with polydopamine and Ag (BGC1@PDA@Ag) 0.8 ± 0.1 6.1 ± 0.3

In order to study the morphology of the surface, SEM micrographs were obtained (Figure 1).
In the case of BGC1, it is possible to observe sharpened microcrystals (Figure 1A,B), although the
overall surface is quite homogeneous. For BGC1@PDA, the surface is smoother, probably due to the
deposition of polydopamine (Figure 1C,D), which forms spherical aggregates. After the deposition of
silver onto the surface of the coated bioactive glass-ceramic, some silver aggregates are visible, being
well distributed on the surface (Figure 1E,F).

  

 
 

Figure 1. Scanning electron microscopy (SEM) micrographs of uncoated BGC1 (A,B), BGC1@PDA (C,D),
and BGC1@PDA@Ag (E,F).

3.2. Surface Zeta Potential

The contact between a solid surface and a water-based medium leads to the development of a
surface charge at the interface. This charge is one of the surface characteristics, which could affect
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the interaction between the material and the biological environment (e.g., protein adsorption, cellular,
and bacterial adhesion) [29]. In this context, zeta potential measurements were carried out to determine
the surface charge at physiological pH (about 7.4). The pH of an aqueous solution is the driving force
for an acid-base reaction, meaning that at high pH values, the dissociation of acidic groups will be
enhanced while the protonation of basic groups will be suppressed, and vice versa.

The surface charge on polydopamine films is probably due to quinone imine and catechol
groups [30]. More specifically, the positive or negative surface charges may arise from the
reversible dissociation and deprotonation/protonation of amine and catechol groups, featuring PDA
zwitterionicity [10]. It has been reported in the literature that the overall charge of PDA coatings is
negative, although there is no general agreement regarding the zeta potential value; values reported
vary between −4.58 mV (at pH = 7) and −39 mV (in Tris-buffer at pH = 8.5) [30–33], which can strongly
depend on the measurement conditions (pH, electrolyte). Obtained results on surface zeta potential
measurements are summarized in Table 2.

For uncoated BGC1, we obtained a highly negative zeta potential value (−120 ± 9 mV). Such negative
surface charge at physiological pH is in accordance with the acidic isoelectric point of silica-based bioactive
glasses [34]. Moreover, the negative surface charge of BGC1 is likely the result of the presence of siloxane
(Si–OH) groups and hydroxyapatite (Ca5(PO4)3(OH)) on the surface (Figure 2), which in the presence of an
aqueous solution at pH ~7.4 remains negatively charged. The negative surface charge of the glass-ceramic
BGC1 could enhance the affinity and adhesion of cells. It has been reported that strongly negative surface
charges promote the adsorption of specific proteins, leading to increased cell adhesion [35].

When BGC1 was modified with PDA, the value of the zeta potential at physiological pH remained
negative, but its absolute value was reduced (−83 ± 1 mV) with respect to uncoated BGC1. It is possible
that, thanks to the presence of PDA, positive ions were attracted from the solution (for example Ca2+),
increasing the positive charge of the surface; this is in accordance with the literature [36–38]. However, this
hypothesis is unlikely in the present case because, due to the high dilution of SBF, the availability of Ca2+ is
relatively low.

It has been proposed in the literature that polydopamine could interact with aqueous solutions
through various mechanisms due to its molecular structure [39]. If PDA binds differently, it means that
exposed chemical groups would be different. Therefore, it is possible that for BGC1, polydopamine
binds through OH− groups from quinone, leaving more amine groups exposed to the aqueous
environment and thus provoking the coated surface to become less negative.

With the introduction of silver onto the surfaces of PDA-modified samples (BGC1@PDA@Ag),
the value of the zeta potential becomes slightly more negative (−98 ± 1 mV) than for BGC1@PDA.
This behavior could be explained by the presence of silver particles which possess negative zeta
potential, as described in the literature for silver nanoparticles [40–42] and for coatings containing
silver nanoparticles at the investigated pH [43].

In summary, the measurements reported here evidence a strong negative charge on all tested
surfaces in physiological conditions. The absolute value of these charges can depend on the typology
and distribution of the surface functional groups as well as on their acidity strength and on their
effect on surface wettability. However, a clear attribution of these differences cannot be obtained by
measurements at a fixed pH; indeed, a zeta potential titration as a function of pH should be performed
in future works to clarify this point.

Table 2. Surface zeta potential of the different samples investigated (measurements in simulated body
fluid (SBF)).

- Initial Conditions Measurements in SBF

- pH Conductivity (mS·m−1) pH Z (mV)

BGC1 7.32 16.14 7.34 ± 0.01 −120 ± 9
BGC1@PDA 7.33 16.84 7.33 ± 0.00 −83 ± 1

BGC1@PDA@Ag 7.38 16.20 7.35 ± 0.00 −98 ± 1
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Figure 2. Schematic representations of the origin of negative charge on the uncoated (BGC1) and coated
(BGC1@PDA) surface in diluted SBF at pH ≈ 7.4.

3.3. Preconditioning of the Samples

Figure 3 shows the comparison of pH variation in DMEM and in SBF in contact with uncoated
BGC1 pellets as a function of time. It must be taken into account that in the case of DMEM, the medium
was changed every day, while for SBF the medium was not changed. Both measurements were carried
out under static conditions. Observing the behavior in SBF, it is quite clear that a chemical process is
occurring at the surface of BGC1 as already proved elsewhere [26]. In this work, the selected medium
for pre-treatment was DMEM, since it is the medium used in cell biology tests. The preconditioning time
needed for the pH to be lower than 7.75 was selected as 8 days, which is in good agreement with the work
of Verné et al. [44]. The limit for the pH value, set to be lower than pH 7.75, has been established as an
optimal value for the adhesion of osteoblasts [45]. The duration of the preconditioning treatment, namely
8 days, was relatively short. DMEM does not seem to provoke an extreme reaction at the surface of BGC1.
Since BGC1 has a low content of Na2O (4.9%), a rapid exchange of sodium ions is not expected, which
would cause a detrimental burst of local pH increase. Finally, the morphology of the samples also plays an
important role in determining their bioreactivity [46]. It should be noted that in this study we have used
BGC1 in the form of dense pellets, which exhibit a slower rate of ion exchange (bioreactivity) compared,
for example, with porous materials or powders, which have much higher surface areas.
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Figure 3. pH variation of DMEM (left) and SBF (right) containing uncoated BGC1 pellets.
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3.4. Cell Biology Studies

The viability of MG-63 cells cultured onto BGC1, BGC1@PDA, and BGC1@PDA@Ag
samples for 48 hours was determined by WST-8 assay, and the results are shown in Figure 4.
The bioactive glass-ceramic BGC1 showed, as expected, good compatibility with mammalian cells.
Sintered BGC1 was determined to have a glassy matrix (15.8%) and the following crystalline phases:
hydroxyapatite (47.6%), wollastonite (28.7%), and cristobalite (7.9%) [26]. An important phase in
BGC1 is wollastonite. This crystalline phase has compatibility with bone tissue, as described in
literature [47]. In the same way, hydroxyapatite and glass-ceramic implants have shown favorable
interactions with marrow stromal cells [48–50]. Figure 5 shows fluorescence microscope images of
MG-63 cells after 48 hours of direct culture. For BGC1, it was difficult to determine the morphology
of the cells because of the brightness of the surface. However, the surface is seen to be completely
covered by cells.

Polydopamine has been proven to have good cell compatibility, mostly due to (among other
properties) its hydrophilicity, stiffness, and surface charge [9,10,51,52]. Figure 4 shows a slight
suppression of cell viability for BGC1@PDA, which can be related to a modification of the surface
roughness during the coating process. It is important to highlight that there is a strong influence of
the substrate, since the polydopamine coating on BGC1 does not form a continuous film, reaching
only 50 nm of thickness. Ryu et al. determined that polydopamine surfaces lead to mammalian cell
proliferation without toxicity [36]; in addition, Chien and Tsai described that polydopamine does not
support the adhesion of all types of cells [53]. On this basis, the lower number of cells on BGC1@PDA
samples compared to BGC1 may not be related to cell death, but to a lower rate of proliferation.
On the other hand, it can be seen in Figure 5 that cells spread well on BGC1@PDA surfaces and were
interconnected to each other, which is an expected behaviour of bioactive materials.

BGC1@PDA@Ag samples exhibited a strong decrease in cell viability (52%). Fluorescence microscope
images (Figure 5) show that cells are round shaped, which indicates cell stress. It is possible to observe
calcein-stained cells, which means that cells are alive but under high stress. Forte et al. [24] used
polydopamine as an interface between calcium phosphate and silver. It was also found that for certain
samples coated with silver, cell toxicity occurred [24]. Therefore, more research efforts should be undertaken
to optimize the silver dose to obtain an effective dual-function material.
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Figure 4. Viability of MG-63 cells cultured onto BGC1, BGC1@PDA and BGC1@PDA@Ag samples
for 48 hours. Significant differences are indicated in comparison to control: * p < 0.05, ** p < 0.01 and
*** p < 0.001 (Tukey’s posthoc test).
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Figure 5. Fluorescence microscope images on different representative samples showing the results of
calcein-DAPI staining of MG-63 cells after 48 hours of direct culture.

3.5. Antibacterial Test

Figure 6 shows antibacterial test results against S. carnosus (Gram-positive) and E. coli
(Gram-negative) bacteria strains after 48 hours of incubation in LB medium. For the test carried out
against S. carnosus, BGC1 and BGC1@PDA did not show a significant effect on the growth of bacteria
suspended in the medium. The preconditioning of the samples was important to confirm that there was
no increase of local pH for BGC1, because of the lack of any dissolution process within the measuring
time period, avoiding bacterial death. In the case of BGC1@PDA, since polydopamine confers
hydrophilicity to the samples and does not have an active antimicrobial component, no significant
antibacterial effect was observed. This result is in good agreement with the literature, as reports have
shown that polydopamine coating itself has no antimicrobial effect against Gram-positive bacteria
strains [25].

For the test carried out against E. coli, it seems that both BGC1 and BGC1@PDA inhibited the
growth of bacteria after 24 hours of incubation. There is a controversy in literature, as some authors
have described that polydopamine has an intrinsic antimicrobial effect, which is relatively weak
against E. coli [32,54]. Meanwhile, some other works have determined that polydopamine itself does
not show an antibacterial effect against E. coli [55]. In Figure 6 it is possible to observe a similar trend
for both samples (BGC1 and BGC1@PDA), rejecting the hypothesis that polydopamine itself presents
antimicrobial properties.

The tests carried out on BGC1@PDA@Ag samples against both S. carnosus and E. coli showed that
the material is able to strongly reduce the growth of both chosen bacterial strains, as expected. A similar
effect has been reported in the literature, in which several materials have been surface-modified with
polydopamine and silver particles [10,21,25,32,56,57].
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4. Conclusions

A bioactive glass-ceramic, BGC1, and the functionalized samples, BGC1@PDA and
BGC1@PDA@Ag, showed a strongly negative surface zeta potential, which is desirable for in vitro
biocompatibility. Tests carried out with the MG-63 cell line demonstrated the non-toxicity of BGC1 and
BGC1@PDA. BGC1@PDA@Ag showed a moderate biocompatibility. Antibacterial tests indicated that
BGC1@PDA@Ag possess a strong antimicrobial effect against both Gram-positive and Gram-negative
bacterial strains. An antibacterial effect of PDA was not observed in the present experiments.
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Figure 6. Turbidity measurements on suspensions of both tested Staphylococcus carnosus and
Escherichia coli strains in lysogeny broth (LB) medium on different samples, showing their different
antibacterial effects.

These promising findings encourage further investigations, which should lead to the tailoring
of silver content in PDA-modified bioactive glass-ceramic to obtain a dual-function composite with
strong antibacterial activity and non-toxicity for mammalian cells.
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Płaza, G.A.; Chojniak, J.; et al. Strong and nonspecific synergistic antibacterial efficiency of antibiotics
combined with silver nanoparticles at very low concentrations showing no cytotoxic effect. Molecules 2016,
21, 26. [CrossRef] [PubMed]

16. Blaker, J.J.; Nazhat, S.N.; Boccaccini, A.R. Development and characterisation of silver-doped bioactive
glass-coated sutures for tissue engineering and wound healing applications. Biomaterials 2004, 25, 1319–1329.
[CrossRef] [PubMed]

17. Miola, M.; Ferraris, S.; di Nunzio, S.; Robotti, P.F.; Bianchi, G.; Fucale, G.; Maina, G.; Cannas, M.; Gatti, S.;
Massé, A.; et al. Surface silver-doping of biocompatible glasses to induce antibacterial properties. Part II:
Plasma sprayed glass-coatings. J. Mater. Sci. Mater. Med. 2009, 20, 741–749. [CrossRef] [PubMed]

18. Ciraldo, F.E.; Liverani, L.; Gritsch, L.; Goldmann, W.H.; Boccaccini, A.R. Synthesis and characterization of
silver-doped mesoporous bioactive glass and its applications in conjunction with electrospinning. Materials
2018, 11, 692. [CrossRef] [PubMed]

19. Kawashita, M.; Tsuneyama, S.; Miyaji, F.; Kokubo, T.; Kozuka, H.; Yamamoto, K.
Antibacterial silver-containing silica glass prepared by sol-gel method. Biomaterials 2000, 21, 393–398.
[CrossRef]

123



Materials 2019, 12, 500

20. Di Nunzio, S.; Brovarone, C.V.; Spriano, S.; Milanese, D.; Verné, E.; Bergo, V.; Maina, G.; Spinelli, P.
Silver containing bioactive glasses prepared by molten salt ion-exchange. J. Eur. Ceram. Soc. 2004, 24,
2935–2942. [CrossRef]

21. Saidin, S.; Chevallier, P.; Kadir, M.R.A.; Hermawan, H.; Mantovani, D. Polydopamine as an intermediate
layer for silver and hydroxyapatite immobilisation on metallic biomaterials surface. Mater. Sci. Eng. C 2013,
33, 4715–4724. [CrossRef]

22. Li, M.; Liu, Q.; Jia, Z.; Xu, X.; Shi, Y.; Cheng, Y.; Zheng, Y. Polydopamine-induced nanocomposite Ag/CaP
coatings on the surface of titania nanotubes for antibacterial and osteointegration functions. J. Mater. Chem. B
2015, 3, 8796–8805. [CrossRef]

23. Wang, Z.; Ou, J.; Wang, Y.; Xue, M.; Wang, F.; Pan, B.; Li, C.; Li, W. Anti-bacterial superhydrophobic silver
on diverse substrates based on the mussel-inspired polydopamine. Surf. Coat. Technol. 2015, 280, 378–383.
[CrossRef]

24. Forte, L.; Torricelli, P.; Bonvicini, F.; Boanini, E.; Gentilomi, G.A.; Lusvardi, G.; della Bella, E.; Fini, M.;
Nepita, E.V.; Bigi, A. Biomimetic fabrication of antibacterial calcium phosphates mediated by polydopamine.
J. Inorg. Biochem. 2018, 178, 43–53. [CrossRef] [PubMed]

25. Sileika, T.S.; Kim, H.D.; Maniak, P.; Messersmith, P.B. Antibacterial performance of polydopamine-modified
polymer surfaces containing passive and active components. ACS Appl. Mater. Interfaces 2011, 3, 4602–4610.
[CrossRef] [PubMed]

26. Tejido-Rastrilla, R.; Baldi, G.; Boccaccini, A.R. Ag containing polydopamine coating on a melt-derived
bioactive glass-ceramic: Effect on surface reactivity. Ceram. Int. 2018, 44, 16083–16087. [CrossRef]

27. Kokubo, T.; Takadama, H. How useful is SBF in predicting in vivo bone bioactivity? Biomaterials 2006, 27,
2907–2915. [CrossRef] [PubMed]

28. Zangmeister, R.A.; Morris, T.A.; Tarlov, M.J. Characterization of polydopamine thin films deposited at short
times by autoxidation of dopamine. Langmuir 2013, 29, 8619–8628. [CrossRef] [PubMed]

29. Spriano, S.; Chandra, V.S.; Cochis, A.; Uberti, F.; Rimondini, L.; Bertone, E.; Vitale, A.; Scolaro, C.; Ferrari, M.;
Cirisano, F.; et al. How do wettability, zeta potential and hydroxylation degree affect the biological response
of biomaterials? Mater. Sci. Eng. C 2017, 74, 542–555. [CrossRef] [PubMed]

30. Bernsmann, F.; Frisch, B.; Ringwald, C.; Ball, V. Protein adsorption on dopamine-melanin films: Role of
electrostatic interactions inferred from ζ-potential measurements versus chemisorption. J. Colloid Interface Sci.
2010, 344, 54–60. [CrossRef]

31. Fu, J.; Chen, Z.; Wang, M.; Liu, S.; Zhang, J.; Zhang, J.; Han, R.; Xu, Q. Adsorption of methylene blue by a
high-efficiency adsorbent (Polydopamine microspheres): Kinetics, isotherm, thermodynamics and mechanism
analysis. Chem. Eng. J. 2015, 259, 53–61. [CrossRef]

32. Su, L.; Yu, Y.; Zhao, Y.; Liang, F.; Zhang, X. Strong Antibacterial Polydopamine Coatings Prepared by a
Shaking-assisted Method. Sci. Rep. 2016, 6, 24420. [CrossRef] [PubMed]

33. Ball, V. Impedance spectroscopy and zeta potential titration of dopa-melanin films produced by oxidation of
dopamine. Colloids Surf. A Phys. Eng. Asp. 2010, 363, 92–97. [CrossRef]

34. Cazzola, M.; Corazzari, I.; Prenesti, E.; Bertone, E.; Vernè, E.; Ferraris, S. Bioactive glass coupling with natural
polyphenols: Surface modification, bioactivity and anti-oxidant ability. Appl. Surf. Sci. 2016, 367, 237–248.
[CrossRef]

35. Suzuki, T.; Nishizawa, K.; Yokogawa, Y.; Nagata, F.; Kawamoto, Y.; Kameyama, T. Time-dependent variation
of the surface structure of bioceramics in tissue culture medium and the effect on adhesiveness of cells.
J. Ferment. Bioeng. 1996, 81, 226–232. [CrossRef]

36. Ryu, J.; Ku, S.H.; Lee, H.; Park, C.B. Mussel-inspired polydopamine coating as a universal route to
hydroxyapatite crystallization. Adv. Funct. Mater. 2010, 20, 2132–2139. [CrossRef]

37. El-Ghannam, A.; Hamazawy, E.; Yehia, A. Effect of thermal treatment on bioactive glass microstructure,
corrosion behavior ζ potential, and protein adsorption. J. Biomed. Mater. Res. 2001, 55, 387–395. [CrossRef]

38. Lu, H.H.; Pollack, S.R.; Ducheyne, P. 45S5 Bioactive glass surface charge variations and the formation of a
surface calcium phosphate layer in a solution containing fibronectin. J. Biomed. Mater. Res. 2001, 54, 454–461.
[CrossRef]

39. Zhang, C.; Gong, L.; Xiang, L.; Du, Y.; Hu, W.; Zeng, H.; Xu, Z.K. Deposition and Adhesion of Polydopamine
on the Surfaces of Varying Wettability. ACS Appl. Mater. Interfaces 2017, 9, 30943–30950. [CrossRef]

124



Materials 2019, 12, 500

40. Sathishkumar, M.; Sneha, K.; Won, S.W.; Cho, C.W.; Kim, S.; Yun, Y.S. Cinnamon zeylanicum bark extract and
powder mediated green synthesis of nano-crystalline silver particles and its bactericidal activity. Colloids Surf.
B Biointerfaces 2009, 73, 332–338. [CrossRef]

41. Roy, A.K.; Park, B.; Lee, K.S.; Park, S.Y.; In, I. Boron nitride nanosheets decorated with silver nanoparticles
through mussel-inspired chemistry of dopamine. Nanotechnology 2014, 25, 445603. [CrossRef]

42. Wang, J.; Rahman, M.F.; Duhart, H.M.; Newport, G.D.; Patterson, T.A.; Murdock, R.C.; Hussain, S.M.;
Schlager, J.J.; Ali, S.F. Expression changes of dopaminergic system-related genes in PC12 cells induced by
manganese, silver, or copper nanoparticles. Neurotoxicology 2009, 30, 926–933. [CrossRef]

43. Rehman, M.A.U.; Ferraris, S.; Goldmann, W.H.; Perero, S.; Bastan, F.E.; Nawaz, Q.; di Confiengo, G.G.;
Ferraris, M.; Boccaccini, A.R. Antibacterial and Bioactive Coatings Based on Radio Frequency Co-Sputtering
of Silver Nanocluster-Silica Coatings on PEEK/Bioactive Glass Layers Obtained by Electrophoretic
Deposition. ACS Appl. Mater. Interfaces 2017, 9, 32489–32497. [CrossRef] [PubMed]

44. Verné, E.; Bretcanu, O.; Balagna, C.; Bianchi, C.L.; Cannas, M.; Gatti, S.; Vitale-Brovarone, C. Early stage
reactivity and in vitro behavior of silica-based bioactive glasses and glass-ceramics. J. Mater. Sci. Mater. Med.
2009, 20, 75–87. [CrossRef] [PubMed]

45. Vitale-Brovarone, C.; Verné, E.; Robiglio, L.; Martinasso, G.; Canuto, R.A.; Muzio, G.
Biocompatible glass-ceramic materials for bone substitution. J. Mater. Sci. Mater. Med. 2008, 19,
471–478. [CrossRef] [PubMed]

46. Ciraldo, F.E.; Boccardi, E.; Melli, V.; Westhauser, F.; Boccaccini, A.R. Tackling bioactive glass excessive in vitro
bioreactivity: Preconditioning approaches for cell culture tests. Acta Biomater. 2018, 75, 3–10. [CrossRef] [PubMed]

47. Nakamura, T.; Yamamuro, T.; Higashi, S.; Kokubo, T.; Itoo, S. A new glass-ceramic for bone replacement:
Evaluation of its bonding to bone tissue. J. Biomed. Mater. Res. 1985, 19, 685–698. [CrossRef] [PubMed]

48. Ozawa, S.; Kasugai, S. Evaluation of implant materials (hydroxyapatite, glass-ceramics, titanium) in rat bone
marrow stromal cell culture. Biomaterials 1996, 17, 23–29. [CrossRef]

49. Hench, L.L.; Paschall, H.A. Direct chemical bond of bioactive glass-ceramic materials to bone and muscle.
J. Biomed. Mater. Res. 1973, 7, 25–42. [CrossRef]

50. Deligianni, D.D.; Katsala, N.D.; Koutsoukos, P.G.; Missirlis, Y.F. Effect of surface roughness of hydroxyapatite
on human bone marrow cell adhesion, proliferation, differentiation and detachment strength. Biomaterials
2001, 22, 87–96. [CrossRef]

51. Shin, Y.M.; Lee, Y.B.; Shin, H. Time-dependent mussel-inspired functionalization of
poly(l-lactide-co-e{open}-caprolactone) substrates for tunable cell behaviors. Colloids Surf. B Biointerfaces 2011, 87,
79–87. [CrossRef]

52. Lynge, M.E. Recent developments in poly (dopamine)—Based coatings for biomedical applications.
Nanomedicine 2015, 10, 2725–2742. [CrossRef]

53. Chien, H.W.; Tsai, W.B. Fabrication of tunable micropatterned substrates for cell patterning via microcontact
printing of polydopamine with poly(ethylene imine)-grafted copolymers. Acta Biomater. 2012, 8, 3678–3686.
[CrossRef]

54. Iqbal, Z.; Lai, E.P.C.; Avis, T.J. Antimicrobial effect of polydopamine coating on Escherichia coli. J. Mater. Chem.
2012, 22, 21608–21612. [CrossRef]

55. Lim, K.; Chua, R.R.Y.; Ho, B.; Tambyah, P.A.; Hadinoto, K.; Leong, S.S.J. Development of a catheter
functionalized by a polydopamine peptide coating with antimicrobial and antibiofilm properties.
Acta Biomater. 2015, 15, 127–138. [CrossRef] [PubMed]

56. He, S.; Zhou, P.; Wang, L.; Xiong, X.; Zhang, Y.; Deng, Y.; Wei, S. Antibiotic-decorated titanium with enhanced
antibacterial activity through adhesive polydopamine for dental/bone implant Antibiotic-decorated titanium
with enhanced antibacterial activity through adhesive polydopamine for dental/bone implant. J. R.
Soc. Interface 2014, 11, 20140169. [CrossRef] [PubMed]

57. Zhou, P.; Deng, Y.; Lyu, B.; Zhang, R.; Zhang, H.; Ma, H.; Lyu, Y.; Wei, S. Rapidly-Deposited Polydopamine
Coating via High Temperature and Vigorous Stirring: Formation, Characterization and Biofunctional
Evaluation. PLoS ONE 2014, 9, e113087. [CrossRef] [PubMed]

© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

125



materials

Article

Oxidation Protective Hybrid Coating for
Thermoelectric Materials

Francesco Gucci 1,2,* , Fabiana D’Isanto 3, Ruizhi Zhang 1,2, Michael J. Reece 1,2,

Federico Smeacetto 4 and Milena Salvo 3

1 School of Engineering and Material Science, Queen Mary University of London, London E1 4NS, UK;
ruizhi.zhang@qmul.ac.uk (R.Z.); m.j.reece@qmul.ac.uk (M.J.R.)

2 Nanoforce Technology Limited, London E1 4NS, UK
3 Department of Applied Science and Technology, Politecnico di Torino, 10129 Turin, Italy;

fabiana.disanto@polito.it (F.D.); milena.salvo@polito.it (M.S.)
4 Department of Energy, Politecnico di Torino, 10129 Turin, Italy; federico.smeacetto@polito.it
* Correspondence: f.f.gucci@qmul.ac.uk; Tel.: +44-20-7882-2773

Received: 14 December 2018; Accepted: 6 February 2019; Published: 14 February 2019

Abstract: Two commercial hybrid coatings, cured at temperatures lower than 300 ◦C, were
successfully used to protect magnesium silicide stannide and zinc-doped tetrahedrite thermoelectrics.
The oxidation rate of magnesium silicide at 500 ◦C in air was substantially reduced after 120 h with
the application of the solvent-based coating and a slight increase in power factor was observed.
The water-based coating was effective in preventing an increase in electrical resistivity for a coated
tethtraedrite, preserving its power factor after 48 h at 350 ◦C.

Keywords: Thermoelectrics; oxidation resistance; hybrid-coating

1. Introduction

Thermoelectric materials are able to convert thermal gradient into electricity and recover energy
from waste heat [1,2]. They are, usually, semiconductors or intermetallics, often containing elements
such as Mg, Pb, Te, Bi, Mn, Ge, Si, Sb, Co or In [3–7].

A considerable effort has been made to produce materials with high figure of merit, and
several compounds have been identified and improved using different approaches: doping elements;
composites; nanostructuring; and mesostructuring [3,4,8]. The effect of conventional synthesis
and sintering techniques have been evaluated [9] and innovative methods are constantly under
development [10–14]. One of the main challenges in the thermoelectrics field is the identification
of efficient materials that are inexpensive, easy to be produced, and formed of earth-abundant and
environmentally friendly elements. In this respect, magnesium silicide [15] and tetrahedrite [16] are
considered attractive and sustainable candidates for n and p-type thermoelectrics, respectively. One
important aspect for the development of high temperature thermoelectric generators is their long-term
stability in air at high temperature [17].

Magnesium silicide is a semiconductor of the Mg2X (X = Si, Ge, Sn and Pb) compounds family. It
possess an anti-fluorite structure with a bandgap of 0.784 eV [18]. It can be doped to achieve good
thermoelectric properties (ZT of 0.86 at 862 K with Bi-doping [19]) but it is limited by its relatively high
thermal conductivity. N-type solid solutions of Mg2Si with Mg2Sn [20–23] and/or Mg2Ge [24,25] have
been produced in an attempt to reduce their thermal conductivity. One of the best values has been
reported for Mg2.08Si0.364Sn0.6Sb0.036 (ZT of 1.5 at 723 K [26]).

Magnesium silicide and its solid solutions are prone to oxidation above ~400 ◦C;
Skomedal et al. [27] reported breakaway oxidation behavior for Mg2Si1−xSnx (0.1 < x < 0.6) at
temperatures above 430 ◦C. Sondergard et al. [28] showed the substantial stability in air of Mg2Si0.4Sn0.6
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and Mg2Si0.6Sn0.4 up to 400 ◦C when the material has a high relative density. Yin et al. [29] reported the
oxidation behavior of Sb-doped Mg2Si0.3Sn0.7 (360–720 h) to prevent the decomposition they proposed
and studied the effect of BN spray-coating which was effective up to 500 ◦C. Tani et al. [30] studied the
effect of magnetron sputtered β-FeSi on Mg2Si, observing that it improved the oxidation resistance up
to 600 ◦C.

Tetrahedrite (Cu12Sb4S13) is a ternary I-V-VI semiconductor, which has a complex crystal structure
with a large number of atoms per unit cell, helpful in providing low thermal conductivity, and a high
band degeneracy (1.7 eV) [31,32] due to its highly symmetric crystal structure, which is useful for
improving the power factor [33]. It has a sphalerite-like structure with 58 atoms arranged in a high
symmetry cubic cell (I43m) made of CuS4 tetrahedra, CuS3 triangles and SbS3 pyramids [34]. This
structure, with lone-pair electrons on Sb sites is the origin of the low lattice thermal conductivity [32],
which is shared by other compounds in the Cu-Sb-S system [35] such as chalcostibite [36] (CuSbS2),
famatinite [37,38] (Cu3SbS4) and skinnerite (Cu3SbS3) [39]. Naturally, tetrahedrite occurs with the
composition Cu12−xMx(Sb,As)4S13, which is a solid solution of As rich tennantite (Cu12As4S13) and Sb
rich tetrahedrite (Cu12Sb4S13). The literature related to this material shows the best Thermoelectric
properties are achieved by replacing Cu2+ atoms with Zn: ZT is 0.6 (at 400 ◦ C) for an un-doped
sample, and increases up to 0.9 (at 447 ◦C) with Zn substitution due to a reduction of the thermal
conductivity [40].

Tetrahedrite has limited thermal stability and is subjected to sulphur loss. Braga et al. [41] reported
the phase decomposition of Cu12SbS13 at around 795 K. Barbier et al. [42] confirmed the same phase
transformation at 803 K corresponding to a weight loss due to Sulphur volatilization. Nevertheless,
Chetty et al. [16] reported that tetrahedrite is usually stable only up to 600 K, and that the overall
stability may increase or decrease depending on the dopants. The oxidation behavior of a tetrahedrite
was tested only by Gonçalves et al. [43]. They discovered the formation of a Cu2−xS surface barrier,
which decreases the corrosion rate at 275 ◦C acting as a weak passivation layer. Nevertheless, this layer
was not effective at 350 ◦C and 375 ◦C because of the simultaneous action of sulphur sublimation.

Second phases were present in all of the samples at the end of the test, evidencing the need of
an effective protective coating, but no studies have been carried out to identify a suitable one for this
thermoelectric material. In general, there is a relatively small body of literature that is concerned with
oxidation protective coatings for TE modules.

The oxidation of the surface of the thermoelectric degrades the power generation and significantly
limits the long-term reliability and efficiency of TE modules. For this reason the application of an
oxidation resistant coating is needed to improve thermoelectric properties.

In this work, we investigated the potential of two commercial hybrid (ceramic-polymer) coatings
with nominal temperature resistance up to 590 ◦C. To evaluate their effectiveness, we tested the
properties of Mg2Si0.487Sn0.55Sb0.13 and Cu11.5Zn0.5Sb4S13 as sintered and after aging in air, with and
without the coatings. The low curing temperature (250 ◦C) of these resins is a great advantage; in fact,
glass-ceramics coatings would require deposition temperatures too high for tetrahedrites (for example,
a Higher Manganese Silicides coating was prepared at 700 ◦C [44]). Moreover, the coating procedure
does not require the need of expensive equipment (such as magnetron sputtering) making it more
appealing for actual device production.

2. Materials and Methods

Mg2.1Si0.487Sn0.5Sb0.13 (Mg-silicide) powders were provided by European Thermodynamics Ltd
(Leicester, UK). Powders were then sintered into 30 mm diameter discs using a Spark Plasma Sintering
furnace (FCT HPD 25; FCT Systeme GmbH, Rauenstein, Germany). The sintering of Mg-silicide was
carried out at a temperature of 750 ◦C with a heating and cooling rate of 100 ◦C/min, a dwell time of
5 min and a pressure of 50 MPa.

Cu11.5Zn0.5Sb4S13 (THD) was prepared starting from single elements powders: Cu (Alpha Aesar,
150 mesh, purity 99.5%), Sb (Alpha Aesar, 100 mesh, purity 99.5%), S (Sigma Aldrich, 100 mesh, purity
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reagent grade) and Zn (Sigma Aldrich, ≥ 99%). They were weighted in the appropriate stoichiometry
and sealed in a stainless steel jar in an argon filled glove box, processed in a ball milling machine
(QM-3SP2, Nanjiing University, China) employing stainless steel balls at 360 rpm for 96 h, with a ball
to powder ratio of 30:1. The sintering of tetrahedrite was carried out at a temperature of 400 ◦C with a
heating and cooling rate of 50 ◦C/min, a dwell time of 5 min and a pressure of 50 MPa. The density of
the pellets was measured using the Archimede’s method. Each pellet was cut into bars having square
base of 3 mm per side and 10 mm height.

After preliminary tests, a solvent-based resin (CP4040-S1) was chosen for Mg-Silicide and a
water-based resin (CP4040) for tetrahedrite, both purchased from AREMCO SCIENTIFIC COMPANY
(Los Angeles, USA). They were applied using a foam brush and subsequently cured in a tubular
furnace (Carbolite Gero STF/180, Neuhausen, Germany) for 45 min at 250 ◦C with a heating and
cooling rate of 1.6 ◦C/min. Aging tests was performed in a muffle oven (Manfredi OVMAT 2009,
Pinerolo, Italy) in air at a temperature of 500 ◦C for 120 h (for Mg-silicide) and at 350◦C for 48h (for
THD) with a heating rate of 1.2 ◦C/min. The choice of oxidation temperatures was guided by previous
literature and the potential operating temperatures of the materials. Both Mg-Silicide and tetrahedrite
are oxidized in air at these temperatures without being subjected to any phase transformations and
their properties are near their optimum values. The tests would provide an initial benchmark for the
tested hybrid coatings.

XRD data were collected using X’Pert Pro MRD diffractometer with Cu Kα radiation (PANalytical
X’Pert Pro, Philips, Almelo, The Netherlands, with the aid of the X-Pert HighScore software)
and the different phases were identified using the JCPDS data base. Field emission scanning
electron microscope (FE-SEM, Merlin electron microscope, ZEISS, Oberkochen, Germany) and energy
dispersive X-ray Spectroscopy (EDS, ZEISS Supra TM 40, Oberkochen, Germany)were used to
characterize the microstructure morphology and chemical composition of uncoated and coated samples,
before and after ageing. The measurements of the electrical properties were carried out using a Linseis
LSR-3 (Linseis Messgeraete GmbH, Selb, Germany) with Pt thermocouples and electrodes. The oxide
layer of the aged samples was removed before measuring their properties.

3. Results and Discussion

3.1. Mg-Silicide (Solvent-Based Coating)

Ball milling of the elemental powders effectively produced a single phase solid solution
(Mg2Si0.4Sn0.6) of Mg2Si and Mg2Sn, and no peak splitting was observed in the XRD pattern (Figure 1a).
After sintering, no phase separation was visible in the XRD pattern and the peaks simply became
sharper (Figure 1b).

The density of the as sintered sample was about 96% of the theoretical one.
The aging at 500 ◦C for 120 h in air had a very clear effect on the uncoated sample; it was

completely burned and turned into powder (Figure 2). The coated sample did not suffer such a
catastrophic effect despite the fact that the applied coating was damaged at the edges.

The XRD pattern of the uncoated sample after aging (Figure 1c) shows the decomposition
of Mg2Si0.4Sn0.6 into a mixture of compounds (MgO, SiO, SnO2 and Sn), as already observed by
Skomedal et al. [27].

Figure 3 shows the cross-section of a coated sample after the curing. The interface between
Mg-silicide and the hybrid coating is continuous, without cracks. However, the coating shows a few
cracks parallel to the surface; this was likely due to a mismatch in CTE between the matrix and ceramic
filler or more likely an effect due to solvent evaporation during curing, with consequent shrinkage
effects. The thickness of the layer was found to be about 30–100 μm, being thinner at the edges.
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Figure 1. XRD spectra for (a) Mg-silicide powders (b) as sintered sample (c) aged Mg-silicide at 500 ◦C
for 120 h without coating (d) aged Mg-silicide at 500 ◦C for 120 h with coating and (e) PDF card of
Mg2Si0.4Sn0.6 (n. 01-089-4254).

 
Figure 2. Mg-silicide uncoated after aging at 500 ◦C for 120 h, in air.

 
Figure 3. Cross sectional SEM image of coated sample after curing at 250 ◦C for 45 min under
flowing Ar.

After aging for 120 h at 500 ◦C in air, the coated sample did not experience significant oxidation,
and was still mainly composed of a single phase (Figure 1d). However, a small amount of MgO was
present and the coating showed cracks on the edges and peeled off in some areas. Figure 4 shows the
cross-section of a coated Mg-silicide after the oxidation test: an uneven oxide scale formed on the TE
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surface, thus indicating that the coating effectively reduced the oxidation reaction rate compared to
the uncoated sample but did not prevent it as an oxide layer growing at the coating/sample interface.

 
Figure 4. Cross sectional SEM image of solvent-based resin coated Mg-silicide after aging at 500 ◦C for
120 h, in air.

The comparison between the electrical properties of the as-sintered sample and coated sample
after ageing is a useful tool to understand the effectiveness of the coating (Figure 5).

Figure 5. Temperature dependence of the: (a) Electrical resistivity; (b) Seebeck coefficient; and (c) Power
Factor for Mg-silicide as sintered and coated after ageing at 500 ◦C for 120 h, uncoated could not be
measured. (For all electrical measurements, the outer layers were removed coated sample to reveal
pristine silicide onto which electrical contacts have been made).

It was clearly impossible to measure the properties of the uncoated sample after the oxidation test
since it was completely destroyed (Figure 2). The initial properties of the sample are comparable to
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those of a similar composition reported in the literature [20,22]. The electrical resistivity (ρ) of the coated
sample after aging was increased by about 50%, while the Seebeck coefficient (S) increased by about
10%. Different stoichiometric ratio of Mg2Si and Mg2Sn as well as Mg vacancies or interstitial (due to
the fact that Mg diffuses towards the surface) can influence the electronic properties [15,22,45,46].

The coating provides a very good degree of protection of Mg-silicide, against a complete burning
of the Mg-silicide substrate.

From the data, the power factor (S2/ρ) of the coated samples seems to be slightly increased. On
the other hand, it is also clear that the effectiveness is time-limited and longer ageing times may likely
determine the total oxidation of the sample, as occurred for the uncoated sample.

Further work is needed to fully understand the implications of defects or non-homogeneous areas
through the coating.

Further work should focus on the production of a homogeneous coating with a controlled optimal
thickness, which should prevent the surface damage and remove easy path for oxygen diffusion. Due
to the sample shape, it was not possible to evaluate thermal conductivity and, therefore, ZT.

3.2. Tetrahedrite (Water-Based Coating)

The Ball milled powders produced starting from single elements consisted of single phase
Cu12Sb4S13 (PDF Card n.00-024-1318) (Figure 6a). The density of the as sintered THD measured
with the Archimede’s method was found to be about 98% of the theoretical density. The XRD pattern
of the as-sintered THD (Figure 6b) confirmed that the main phase is Cu12Sb4S13 with a minor amount
of Cu3SbS4 (Famatinite PDF Card n. 01-071-0555).

Figure 6. XRD spectra for (a) Tetrahdrite powders (b) as sintered sample (c) aged THD at 350 ◦C
for 48 h without coating (d) aged THD at 350 ◦C for 48 h with coating and (e) Cu12Sb4S13 PDF Card
n.00-024-1318.

After the ageing at 350 ◦C for 48 h in air, the uncoated THD was oxidised with a darker surface
than the as-sintered sample. Cross sectional SEM images of the uncoated THD (Figure 7) shows the
formation of an inhomogeneous layer (around 3–5 μm) on the whole surface of the thermoelectric. The
point indicated with the black arrow can be attributed to antimony oxide.

The XRD analysis of the uncoated sample surface after ageing (Figure 6c) shows that the main
phase was Sb2O3 (PDF Card n. 00-043-1071), confirming the SEM analysis, with the presence of
Cu3SbS4 and Cu2S (PDF Card n. 01-072-1071) as secondary phases, as also reported by Chetty et al.
and Harish at al. [16,47]. The cross-section of the water-based resin coated THD after curing at 250 ◦C
for 45 min (Figure 8) shows crystals of different shape and composition well dispersed in the silicone
resin matrix, and no pores, cracks or other defects are visible at the coating/THD interface.
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Figure 7. SEM image of cross-section of uncoated THD after ageing at 350 ◦C, dwelling time 48 h, in air.

 
Figure 8. SEM image of cross-section of water-based resin THD coated after curing at 250 ◦C for 45
min under flowing Ar.

The cross-sectional image of the water-based coated THD after ageing at 350 ◦C for 48 h (Figure 9)
evidenced the absence of cracks within the coating, which is still well-adhered to the substrate. As
can be seen in the SEM image, no evidence for the formation of oxidation layers was found at the
coating/THD interface. Furthermore, XRD analysis (Figure 6d) shows that after the ageing at 350 ◦C
for 48 h in air there were no apparent changes in the THD compared to the as-sintered sample,
confirming that the hybrid coating provided an effective protection, inhibiting the oxidation of THD
under thermal ageing.

 
Figure 9. SEM image of cross-section of water-based resin coated THD after aging at 350 ◦C, dwelling
time 48 h, in air.
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A comparison between the properties of the as-sintered sample and the uncoated and coated
counterparts after ageing at 350 ◦C for 48 h in air (Figure 10), further confirm the effectiveness of the
coating. The Seebeck coefficients of the three samples did not show any differences, but the values
of the aged THD with coating were slightly higher than those without coating, at least starting from
150 ◦C. The coating is able to prevent the increase in electrical resistivity noticed in the uncoated
sample, as it maintains the original chemical composition. Consequently, the power factor of the
uncoated sample suffers a significant reduction, while the coated sample maintains a similar value.

Figure 10. Temperature dependence of the (a) Electrical resistivity (b) Seebeck coefficient and (c) Power
Factor of as-sintered THD and aged THD, with and without coating after ageing at 350 ◦C for 48 h.

4. Conclusions

The effectiveness of two hybrid protective coatings for Mg2.1Si0.487Sn0.5Sb0.13 and
Cu11.5Zn0.5Sb4S13 thermoelectric materials was reviewed and discussed.

The solvent-based resin significantly reduced the oxidation rate of magnesium silicide at 500 ◦C
in air. Even with some imperfections (incomplete adhesion, few cracks within the resin after curing),
the coated sample was not significantly oxidised after 120 h and the electrical properties were not
severely modified.

The water-based hybrid coating was effective at providing a barrier coating to avoid the oxidation.
Consequently, the values of the power factor did not decrease in the presence of the hybrid coating,
indicating that it is a promising candidate for protecting THD against high temperature oxidation
in air.
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Abstract: A ‘weak alkali activation’ was applied to aqueous suspensions based on soda lime glass
and coal fly ash. Unlike in actual geopolymers, an extensive formation of zeolite-like gels was not
expected, due to the low molarity of the alkali activator (NaOH) used. In any case, the suspension
underwent gelation and presented a marked pseudoplastic behavior. A significant foaming could
be achieved by air incorporation, in turn resulting from intensive mechanical stirring (with the help
of a surfactant), before complete hardening. Dried foams were later subjected to heat treatment at
700–900 ◦C. The interactions between glass and fly ash, upon firing, determined the formation of new
crystal phases, particularly nepheline (sodium alumino–silicate), with remarkable crushing strength
(~6 MPa, with a porosity of about 70%). The fired materials, finally, demonstrated a successful
stabilization of pollutants from fly ash and a low thermal conductivity that could be exploited for
building applications.

Keywords: alkali activation; inorganic gel casting; glass–ceramic foams; waste glass; fly ash

1. Introduction

Coal fly ash is a fundamental waste produced by power stations; it consists of a fine particulate
material with fluctuating chemical and phase compositions, depending on the original coal and
burning conditions, configuring a significant environmental issue. In fact, despite the exploitation of
renewable energy resources, the amounts of waste generated worldwide are increasing (the currently
produced amount, of about 900 million tons, is expected to increase up to 2 billion tons in 2020) [1].
Coal fly ash is mainly landfilled, producing significant dangers, such as the potential leaching of heavy
metals or polycyclic aromatic hydrocarbons [2–4]. As a consequence, the use of coal fly ash in new
valuable materials is a critical issue for a sustainable society.

Significant amounts of fly ash are used in the building industry, due to their pozzolanic properties:
mixed with cement, they are well known to improve concrete durability [3,5,6]. Fly ash valorization
has also been realized by the production of dense glass–ceramic materials, to be used as an alternative
to natural stones or traditional ceramic tiles [7,8].

Compared to dense glass–ceramics, lightweight glass–ceramic foams, to be used for thermal
and acoustic insulation, may represent a more valuable product. Waste glass/fly ash mixtures have
been variously foamed, by viscous flow sintering of glass, determining a pyroplastic mass (in turn
incorporating fly ash), with concurrent gas evolution, by the addition of different foaming agents,
such as SiC [9]. The amount and nature of waste glass are significant in reducing the processing
temperature [10,11]. As an example, carbonates, in the form of dolomite (CaMg(CO3)2), or sludge from
a marble cutting–polishing plant (containing mainly calcite, CaCO3) may lead to ceramic foams with
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low apparent density (0.36–0.41 g/cm3) and relatively high compressive strength values (2.4–2.8 MPa).
However, the highest amount that could be incorporated for the foam production does not exceed
20 wt% [3]. Coal fly ash may be increased up to 40 wt%, in foams generated by means CaCO3

decomposition, but 30 wt% borax must be considered as extra fluxing agent [11]. Some attempts to
produce lightweight aggregates have been made even avoiding the use of any foaming agents, e.g.,
by mixing the fly ash (75 wt%) and waste window panes (25 wt%) exploiting the bloating of the fly ash
at high temperature [12].

According to the fact that fly ash is rich in amorphous alumina and silica, another promising
application concerns the formulation of waste-derived geopolymers [13]. Geopolymer materials
are a class of inorganic polymers synthesized through the reaction of a solid alumino–silicate
precursor with a highly concentrated alkali solution. When immersed in strongly alkaline solutions,
the alumino–silicate-reactive materials are almost entirely dissolved, leading to the formation of
hydrated alumino–silicate oligomers, including [SiO4] and [AlO4] tetrahedral units. The following
polymerization of the oligomers creates a highly stable three-dimensional network structure where the
[SiO4] and [AlO4] tetrahedra are linked together by sharing oxygen atoms. This structure (‘zeolite-like
gel’) resembles that of zeolites, but it mostly reveals an amorphous nature [14].

The use of fly ash in the geopolymer formulation, alone or mixed with other natural sources
or industrial wastes, has been widely studied [15–17], with the perspective of obtaining inorganic
binders with low CO2 emissions (compared to ordinary Portland cement) and reduced use of natural
raw materials [18,19]. These advantages, however, are somewhat counterbalanced by the costs of the
standard reagents used as alkali activators in fly ash geopolymer-based materials, such as sodium
silicate (also known as water glass) and sodium or potassium hydroxide [20,21]. In fact, it should
be noted that significant energy demand and CO2 emissions are associated with sodium silicate
production, where temperatures around 1300 ◦C are required, in order to melt sodium carbonate and
silica mixtures [22]. Some efforts have recently been made to substitute the conventional activators
with low cost and more environmentally friendly alternatives, such as industrial residues of discarded
cleaning solutions for aluminum molds [23] and, above all, waste glass [24].

In recent investigations, we proposed the synthesis of dense fly ash [25] or red mud [26] based
geopolymers using waste glass from municipal waste collection, replacing water glass as main silica
source in the geopolymeric formulation. It was established that, despite the alternative formulation,
stable and chemically resistant geopolymeric gels could be obtained by mixing fly ash and waste glass,
in an appropriate ratio, and using NaOH in relatively low molarities (NaOH 8M) [25]. The present
investigation was conceived as a further extension of the approach, in the development of inorganic
gels with an even weaker alkali activation of waste glass/fly ash aqueous suspensions. The suspensions
were subjected to extensive foaming (by mechanical stirring) at the early stage of gelation, leading to
highly porous bodies later stabilized by means of a low temperature firing treatment.

2. Materials and Methods

The initial raw materials used in this study were low calcium fly ash (FA) class F (ASTM C 618) [27],
with a mean particle size of 20 μm, supplied by Steag Power Minerals (Dinslaken, Germany), and
soda–lime glass waste (SLG), produced by SASIL S.r.l. (Brusnengo, Biella, Italy) as fine powders with
a particle size under 30 μm. In particular, we considered the finest fraction produced during the
purification process of glass cullet carried out in the company, with limited industrial application.
Table 1 summarizes the chemical composition of the two basic raw materials determined by means of
X-ray fluorescence [25].

FA/SLG were prepared by progressive addition of powders into an NaOH aqueous solution,
for a liquid/solid of 0.45. According to a methodology already presented in previous studies [25,26],
we varied the theoretical molar ratio between SiO2 and Al2O3 in the final product by changing the FA
and SLG proportions, being 76/24, 64/36, 54/46, corresponding to a SiO2/Al2O3 theoretical molar
ratio of 5, 6, and 7, respectively. However, in this case, a lower concentration (3M) of NaOH was
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considered. As in previous studies, the mixtures were kept under low-speed mechanical stirring
(500 rpm) for 4 h, to ensure a good dissolution of the starting materials and the proper dispersion of
the remaining undissolved particles in the slurries.

Table 1. Chemical composition (expressed in wt%) of the starting materials.

Oxide (wt%) SiO2 Al2O3 Na2O K2O CaO MgO Fe2O3 TiO2

FA 54.36 24.84 0.83 3.03 2.56 2.06 8.28 1.07
SLG 70.5 3.2 12 1 10 2.3 0.42 0.07

The suspensions were foamed by the addition of 4 wt% of an aqueous solution of sodium lauryl
sulphate (SLS) (CH3(CH2)11OSO3Na, supplied by Carlo Erba, Cornaredo, Milan, Italy), previously
prepared with a SLS/water = 1/10 and then by application of vigorous mechanical stirring (2000 rpm)
for 10 min. The prepared wet foams were poured into cylindrical molds (6 cm diameter) and kept at
60 ◦C for 48 h in sealed conditions. Dried samples were finally demolded and subjected to thermal
treatment at 800, 900, and 1000 ◦C for 1 h (10 ◦C/min heating rate). The overall manufacturing process
is represented by Figure 1.

Figure 1. Processing scheme for the production of glass–ceramic foams.

X-ray diffraction analyses (XRD) were carried out on powdered samples (Bruker D8 Advance,
Karlsruhe, Germany) using CuKα radiation (0.15418 mm), 40 kV-40mA, and 2θ angles between 10–70◦.
A step size of 0.02◦ and 2 s counting time was set for the analysis of the starting materials and of the
hardened foams. A step size of 0.02◦ and a 0.5 s counting time was adopted for the fired samples.
The phase identification was performed using the Match!® software suite (Crystal Impact GbR, Bonn,
Germany), supported by data from PDF-2 database (ICDD- International Centre for Diffraction Data,
Newtown Square, PA, USA).

Samples form larger specimens were cut to about 10 × 10 × 10 mm. The bulk density was
evaluated considering the mass measured with an analytical balance and the volume carefully
measured with a digital caliper. The apparent and true densities were determined using a helium
pycnometer (Micromeritics AccuPyc 1330, Norcross, GA, USA), working on foamed samples or on fine
powders from crushed samples, respectively. The total, open, and closed porosity were computed using
the three density values. Compression tests were done using an Instron 1121 UTS (Instron, Danvers,
MA, USA) machine, with a crosshead speed of 0.5 mm/min, with each data point corresponding to
9–10 samples.

The European Standard for the compliance test for leaching of granular waste materials and
sludge (EN 12457-2) was followed to evaluate the release of heavy metals in the initial raw materials
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and in selected fired samples. Fragments below 4 mm were placed in distilled water with a pH value
of ~7 to a liquid/solid ratio of 10, softly stirred at 25 ◦C for 24 h. The resulting eluates were filtered
through a 0.6 μm filter and analyzed using inductively coupled plasma (ICP; SPECTRO Analytical
Instruments GmbH, Kleve, Germany).

The semi-industrial production of lightweight panels was developed for selected samples.
The alkali activation process was conducted in the same way. However, a relatively significant
amount of activated suspension was prepared for each batch (around 5 kg), and the process was
carried out with technical grade reagents. The hardened foamed panels were obtained after casting the
wet foams in bigger molds (15 cm × 20 cm). Finally, hardened foamed gels were fired at 800 ◦C for 1 h,
using a pilot scale tunnel furnace (Nanetti ER-15S) at SASIL S. p. a. (Brusnengo, Biella, Italy).

Thermal conductivity tests on the lightweight panels were performed using a Fox 50 Heat Flow
Meter by TA Instruments (New Castle, DE, USA) operating at 25 ◦C. The measure was conducted on
cylindrical samples (50 mm diameter and 10 mm thickness) cut from the panels; three replicated tests
were performed on samples taken from different panels.

3. Results and Discussion

Figure 2 shows the microstructure for the geopolymer foam after 24 h of curing for the mixtures
5S, 6S, and 7S (Figure 2a–c, respectively). The hardened foams reveal a high microstructural uniformity,
presenting pores in a range from 10 to 30 μm diameter. No significant changes in the pore distribution
between samples with different compositions can be detected, even if the viscosity of the initial slurries
was different. High amounts of glass were expected to determine a slight viscosity increase [28],
but the spherical morphology of the FA ensured good workability in all conditions; the observed great
homogeneity presented can be explained thanks to the rapid setting of the wet foams, preventing any
coalescence effect [29].

Figure 2. Microstructural details of the soda–lime glass waste/fly ash (SLG/FA foams in the hardened
state; (a) 5S; (b) 6S, and (c) 7S.

The X-ray diffraction patterns of the starting materials are illustrated in Figure 3; a different
intensity scale was selected for each material in order to highlight the crystalline phases present
(the intensity of the strongest peak in Figure 3b is ~20 times higher than the intensity of the strongest
peak in Figure 3a). SLG (Figure 3a) presents the typical ‘amorphous halo’ of silicate glasses centered
approximately at 2θ = 24–26◦, along with weak peaks, attributed to hydrated phases, such as calcium
aluminum silica hydrate (gismondine CaAl2Si2O8·4H2O, PDF#020-0452), calcium silica hydrate
(Ca1.5SiO3.5·xH2O, PDF#033-0306), and sodium aluminum silica hydrate (K2NaAl3Si9O24·7H2O,
PDF#022-0773). These hydrated phases had formed probably according to surface reaction of fine glass
particles with environmental humidity during storage.

The original fly ash (Figure 3b) contained quartz (SiO2, PDF#083-0539) and mullite (Al4SiO8,
PDF#079-1275) as the main crystal phases; moreover, minor traces of hematite (Fe2O3, PDF#033-0664)
were also detected. In the pattern, it is still possible to detect an amorphous halo at around 24–26◦.
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θ ( )  
θ ( )

Figure 3. X-ray diffraction patterns of the initial materials (a) waste soda lime glass and (b) fly ash.

The X-ray diffraction patterns of the hardened foams represented in Figure 4 show that quartz
and mullite from the initial fly ash remained practically unaltered. The intensity of these peaks simply
decreased with a higher amount of glass in the initial formulation; as a result of this ‘dilution’ effect,
hematite (Fe2O3, PDF#033-0664) is no longer visible.

θ ( )

Figure 4. X-rays diffraction patterns of the hardened geopolymeric foams.
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The center of the amorphous halo moved from 2θ~24◦, in the original raw materials, to 2θ~30◦,
after alkali activation. This shift is consistent with the literature on geopolymers, concerning the
development of an alkaline alumino–silicate hydrate (N–A–S–H) gel as a reaction product [30–32].

A second change, with alkali activation, concerns the presence of philipsite (Na4KAl5Si11O32(H2O)10,
PDF#073-1419), as newly formed crystal phase, for all compositions. This phase, a sodium potassium
aluminum silicate hydrate with a zeolite-type structure, has already been detected in geopolymeric
gels [33,34]. Although quite rough, both shift of amorphous halo and formation of philipsite could be
considered as a proof of the reaction between starting materials and development of a semi-crystalline
‘geopolymer-like’ gel.

Microstructural details of the cell struts from hardened sample 5S were studied using SEM
(Figure 5). The low magnification image (Figure 5a) reveals the spherical shape of the fly ash mixed
with irregular shape particles of SLG. As could be noticed, the low activator molarity did not allow a
significant dissolution of the initial raw materials. However, the reaction products detected in the X-ray
analysis effectively promoted the binding of adjacent particles in the hardened samples. At higher
magnification, zeolite crystals were well visible on the surface of the unreacted particles (Figure 5b).
The particular morphology of deposits on spherical fly ash particles is typically associated with the
formation of zeolite compounds [35,36].

Figure 5. High magnification morphology of 5S hardened state foam: (a) Low magnification;
(b) high magnification.

The hardened foams kept their structural integrity after drying. However, after immersion in
boiling water, the water became turbid, and pH rapidly approached 13. This fact revealed the poor
chemical stability of the hardened samples when activated at low molarity and justified the application
of a firing treatment for further stabilization.

The weight losses of the initial SLG waste and FA are presented in Figure 6a. The waste glass
presents a negligible loss of weight around 1 wt% at 700 ◦C, which is attributed to the burn-out of the
plastic impurities inside the waste glass fraction. The weight losses of the FA are approximately 4 wt%
in the temperature range studied (20–1200 ◦C). Losses between 200 and 800 ◦C are associated with the
combustion of carbon present in the FA, and marginal loss of near 1 wt% at 1000 ◦C is associated with
sulphate decomposition [37].

The TGA results of the hardened samples shown in Figure 6b reveal a higher weight loss with the
higher content of fly ash in the initial formulation. The surfactant influence is not taken into account as
it is added in an aqueous solution 1/10, so the total weight loss attributed to it could not exceed 0.4%.

It is quite challenging to identify the weight losses in the hardened foams, as they are the result of
decomposition reaction of several compounds. Two principal changes, however, could be reasonably
explained. The gradual weight loss up to 500 ◦C was attributed mainly to the evaporation of physical
bonded and combined water in the gel, whereas the loss at 500–700 ◦C is thought to correspond
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mainly to the carbon combustion and secondly to the final dehydration of the C–S–H and N–A–S–H
compounds [38]. Beyond 700 ◦C, the weight losses were stabilized in all the samples, and only the
sulphate decomposition from the initial fly ash could be noticed [37].

Figure 6. Differential thermal analysis plots; (a) initial soda lime glass cullet and fly ash; (b) hardened foams.

After the heat treatment, all the samples resulted in well-sintered bodies, illustrated in Figure 7.
Homogeneous well distributed round pores, with diameters from 10–30 μm, remained from the initial
structure (after hardening). Even if the treatment temperature between 700–900 ◦C was well beyond
the softening point of glass (around 650 ◦C), no coalescence of the cells, by viscous flow, could be
observed, as an effect of the presence of crystal inclusions evolved from FA as well as from glass/FA
interactions, and that increased the apparent viscosity on the melt.

 
Figure 7. Morphological characterization of the fired foams with different SiO2/Al2O3 molar ratio,
after firing.

143



Materials 2019, 12, 588

The evolution of the crystalline phases upon firing is illustrated by the X-ray diffraction patterns in
Figure 8. The samples treated at 700 ◦C (Figure 8a) show that quartz (SiO2; PDF#083-0539) and mullite
(Al4SiO8; PDF#079-1275) remained as the only identifiable phases. At this temperature, just above
the softening point, SLG could just ‘glue’ FA particles, with limited chemical interaction. By contrast,
softened SLG dissolved some quartz, especially for low FA/glass ratio (sample 7S), starting from
800 ◦C (Figure 8b). At 800 ◦C and, above all, at 900 ◦C, the SLG/FA interaction was substantial
enough to lead to the precipitation of nepheline (Na6.65Al6.24Si9.76O32, PDF#083-2372), a quite typical
crystalline phase formed upon transformation of geopolymers at high temperature [39–41].

θ θ θ 

Figure 8. X-ray diffraction patterns of the fired foams with different compositions; (a) 700 ◦C; (b) 800 ◦C;
and (c) 900 ◦C.

The increase of temperature also determines the precipitation of iron oxides, in the form of
hematite (Fe2O3, PDF#89-0691) and magnetite (Fe3O4, PDF#89-0691). Its relative abundance is difficult
to quantify. However, a significant increase of the magnetite can be noticed after the heat treatment at
900 ◦C.

Density and porosity data of fired samples are shown in Table 2. High total porosity values are
achieved, and it may be noted that the porosity remained mostly open for samples of the 5S and 6S
series. Samples with higher glass content (7S) exhibited a more substantial reduction of both overall
porosity and open porosity by increasing firing temperature, as an effect of viscous flow. The viscous
flow is evident from the microstructural details in Figure 9: Especially samples with relatively low
glass content (5S and 6S) were evidently poorly sintered at 700 ◦C; passing to 800 and 900 ◦C effectively
led to the mixing of the constituents and to the formation of a uniform solid phase.

The densification with increasing glass content is even more evident considering the morphology
of cell struts, shown in Figure 10, for samples fired at 800 ◦C. It can be appreciated that in the sample
with lower glass amount, 5S (Figure 10a), some spherical particles, recognized as fly ash, remained
visible; by contrast, they were completely incorporated with higher glass content, with evidence of
formation of fibrous crystals.
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Table 2. Density, porosity, and mechanical properties of the fired treated foams at different
heating temperatures.

Sample
Firing
Tª (◦C)

Density, ρ (g/cm3) Porosity (%) σcomp

(MPa)
Geometric Apparent True Total Open Closed

5
700 0.71 ± 0.01 2.28 ± 0.03 2.46 ± 0.01 71 ± 1 68 ± 2 2 ± 1 1.8 ± 0.2
800 0.82 ± 0.01 2.32 ± 0.01 2.49 ± 0.01 67 ± 1 64 ± 1 2 ± 1 5.1 ± 0.3
900 0.87 ± 0.01 2.36 ± 0.01 2.51 ± 0.01 65 ± 1 62 ± 1 2 ± 1 7.4 ± 0.3

6
700 0.54 ± 0.08 2.25 ± 0.02 2.42 ± 0.01 78 ± 2 75 ± 3 2 ± 1 1.9 ± 0.2
800 0.66 ± 0.01 2.26 ± 0.02 2.43 ± 0.01 72 ± 1 70 ± 2 2 ± 1 4.5 ± 0.2
900 0.71 ± 0.01 2.26 ± 0.01 2.45 ± 0.01 70 ± 3 68 ± 3 2 ± 1 5.4 ± 0.4

7
700 0.71 ± 0.01 2.31 ± 0.06 2.46 ± 0.01 71 ± 1 69 ± 2 2 ± 1 3.8 ± 0.2
800 0.83 ± 0.01 2.13 ± 0.05 2.49 ± 0.01 66 ± 2 61 ± 2 6 ± 1 5.3 ± 0.4
900 1.02 ± 0.3 2.08 ± 0.02 2.44 ± 0.01 58 ± 3 50 ± 4 7 ± 2 8.7 ± 0.6

Figure 9. Microstructural details of glass–ceramic foams with different SiO2/Al2O3 molar ratio,
after firing.

Figure 10. High magnification details of the foams struts after firing at 800 ◦C; (a) 5S, (b) 6S, and (c) 7S.
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The strength data reported in Table 2 are interesting, above all, for the correlation with density
data. In fact, any serious comparison should take into account the downscaling of mechanical
properties operated by porosity. For samples possessing an abundant overall porosity, with very
limited closed porosity (samples of the 5S and 6S series, 7S only fired at 900 ◦C), we may consider a
simplified expression of the model proposed by Gibson and Ahsby [42], for the crushing strength (σc)
of bending-dominated cellular structures, as follows:

σc ≈ σbend·C·(ρrel)
3/2 (1)

where the relative density (ρrel) is defined as ρrel = 1−P/100 (P is the total porosity), C is a dimensionless
constant (~0.2), and σbend is the bending strength of the solid phase. If we consider the relative densities
of samples 5S and 6S fired at 800–900 ◦C, and of sample 7S fired at 700 ◦C, ranging from 0.3 to 0.35,
the observed crushing strength values (marked in bold character in Table 2) are remarkable. In fact,
these values correspond to a bending strength of the solid phase well above 100 MPa, in turn exceeding
the bending strength of most glasses [43].

Table 3 shows the chemical analysis of the leachate of the glass–ceramic foams after the heat
treatment at 800 and 900 ◦C and the initial raw materials. According to EN-12457, the leachates of
the selected samples are well below the thresholds for inert materials in all the analyzed metal ions,
with just one exception. The 5S sample treated at 800 ◦C exhibited a release of molybdenum ions
slightly above the limit, but it should be considered as safe in any case, observing that the leaching tests
were applied on highly porous samples, featuring a high surface-to-volume ratio, i.e., in particularly
severe conditions.

Table 3. Leachate chemical analysis of selected samples and initial materials.

Element
(ppm)

5S3M 6S3M 7S3M Initial Materials Limits [UE] (ppm)

800 900 800 900 800 900 FA SLG Inert
material

Non-
hazardous
material

As 0.0316 0.0635 0.068 0.0503 0.0491 0.0795 <0.0049 <0.0049 0.5 2
Ba >al >al >al >al 0.0672 0.1108 <0.000 >al 20 100
Cd <0.0002 <0.0002 <0.0002 <0.0002 <0.0002 <0.0002 <0.0002 0.001 0.04 1
Cr 0.3406 0.0805 0.0255 0.0598 0.0689 0.3001 0.4672 0.0043 0.5 10
Cu 0.0029 0.0183 0.0024 0.0065 0.0053 0.0207 0.0282 0.0036 2 50
Hg 0.0032 <0.0004 0.0006 <0.0004 0.0020 0.0017 0.8983 <0.0004 0.01 0.2
Mo 0.5324 0.0472 0.2107 0.0087 0.1973 0.2435 <0.0004 0.007 0.5 10
Ni <0.0014 <0.0014 <0.0014 <0.0014 <0.0014 <0.0014 <0.0014 <0.0014 0.4 10
Pb <0.0047 <0.0047 <0.0047 <0.0047 <0.0047 <0.0047 <0.0047 0.018 0.5 10
Se 0.0133 <0.0122 0.0255 <0.0122 0.0226 <0.0122 <0.0122 0.018 0.1 0.5
Zn <0.0203 <0.0203 <0.0203 <0.0203 <0.0203 <0.0203 <0.0203 0.088 4 50

pH 9.4 8.6 8.2 7.7 8.0 7.6

Abbreviation: >al, above detection limit

The stabilization of the potential pollutants present in the initial waste materials supports the
possible use of the waste-derived glass–ceramic foams as environmentally friendly materials for
thermal and acoustic insulation. For this reason, selected samples were produced on a semi-industrial
scale, given that the proposed method with alkali activation and foaming is beneficial in the
manufacturing of large panels. In addition, low-temperature foaming does not imply any geometrical
limitation. The firing temperature (800 ◦C) is far below that adopted in the case of cheapest ceramics
for building applications, such as clay bricks.

The overall aspect of the 5S hardened lightweight panels produced with a big mold, after 24 h of
post-foaming, is illustrated in Figure 11a (thickness of about 20 mm). The panels show good consistency
with no cracks and acceptable mechanical properties, which make them easy to handle. After firing
at 800 ◦C (Figure 11b), the overall structure remained unaltered, as observed on laboratory scale
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(the sample shown here was not cut or rectified). The faster heat treatment applied in a semi-industrial
furnace did not cause the formation of any visible cracks (no preheating was applied to the samples,
since they were inserted directly into the furnace).

Figure 11. General view of lightweight panels; (a) 6S hardened panel; (b) heat treated panel at 800 ◦C.

The thermal conductivity measured at 25 ◦C in the 5S samples treated at 800 ◦C was
0.163 ± 0.005 W·m−1·K−1. Such a relatively low value could be explained due to the low density and
the particular cellular structure developed in the panels. Despite the open porosity, the reduced size and
the homogeneous distribution probably had an advantageous effect, by reducing air convection [44].
These optimized foam panels could find applications in the building industry, as thermal insulators;
moreover, the open-celled morphology presented by the ceramic foams along with the abundant
content of iron oxide could support additional applications, e.g., as catalytic supports.
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4. Conclusions

We may conclude that:

• The technique ensures an excellent approach to produce glass–ceramic foams allowing the
incorporation of high proportions of fly ash.

• This approach provides a recycling route to glass fraction currently landfilled, providing a solution
to the landfill derived problems as well as a significant economic advantage.

• The possibility to use low alkali activator concentrations to produce a geopolymer-like gel, which
acts as a binding phase, is demonstrated.

• The decomposition of the gel and the SLG/FA interactions upon firing promote the formation of
the glass–ceramic foams.

• The developed glass–ceramic foams have high porosity, low thermal conductivity, and reasonable
mechanical properties to be applied as thermal insulation materials.

• The chemical stability of the glass ceramic foams was assessed by leaching tests; the release of
heavy metals remained below the threshold specification for inert materials.
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Abstract: An innovative testing methodology to evaluate the effect of long-term exposure to a marine
environment on Glass Fiber Reinforced Polymers (GFRPs) has been investigated and is presented
in this paper. Up to one-year ageing was performed in seawater, to simulate the environment for
offshore oil and gas applications. The performance of an epoxy and epoxy-based GFRP exposed at
different temperatures from 25 to 80 ◦C was quantified. The materials were also aged in dry air, to
de-couple the thermal effect from the seawater chemical action. Gravimetric testing and Dynamic
Mechanical Analysis (DMA) were conducted in parallel on progressively aged specimens. The effect
of specimen geometry and the anisotropic nature of diffusion are comprehensively discussed in this
paper. For the quasi-infinite specimens, the results show an exponential increase in the seawater
absorption rate with temperature. The methodology allowed for the prediction of the diffusivity at a
temperature of 4 ◦C as 0.23 and 0.05 × 10−13 m2/s for the epoxy and the epoxy-based composite,
respectively. The glass transition temperature reduces as sea water is absorbed, yet the sea water
effects appear to be reversible upon drying.

Keywords: PMCs; GFRPs; seawater exposure; diffusion; ageing; accelerated testing; gravimetric;
DMA

1. Introduction

Polymer Matrix Composites (PMCs) are becoming widespread in the oil and gas industry.
The potential to exploit their outstanding mechanical properties, along with their reduced density
compared to metals, makes them a suitable candidate to overcome the technical limitations of
traditional structural alloys for deep-water fossil fuels recovery.

The marine environment is aggressive towards building materials [1–4]. Both structural steel and
concrete are severely attacked by the high saline content of seawater. Standard stainless-steel alloys
cannot withstand the corrosive action without other protective means (e.g., passivation techniques,
protective paints and liners) [5,6]. Even these approaches can fail to prevent localized corrosion,
which will induce catastrophic failures in critical components, particularly if they are not periodically
inspected. The oil and gas industry is interested in qualifying materials for eXtreme High Pressure
High Temperature (XHPHT) operative conditions [7–9], which are usually met in deep-water offshore
reservoirs. In these working scenarios, hydrostatic pressure can exceed 700 bar and temperatures can
rise above 180 ◦C. The acidity of the extracted fossil fuels and fluids, which can be rich in CO2 and
H2S, particularly for enhanced oil recovery, poses a further challenge to the material durability [10,11].

Duplex stainless alloys have been introduced for particularly demanding applications in corrosive
environments, but their cost rarely makes them a viable option for large structures, such as pipelines
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in the petrochemical industry [10]. Polymers demonstrate a remarkable chemical inertness and they
do not suffer from electrochemical corrosion due to their dielectric nature. However, this is not their
only benefit: they are significantly lighter compared to metals. Considering their application in a
submerged structure, on average, their relative weight is seven-fold lighter compared to the more
common steel alloys. This means a significant reduction in the tensile stresses generated by the weight
of pillars or pipelines with a very long vertical drop [8,11]. However, they cannot perform as well
as structural materials, as they do not possess the required mechanical strength, in particular, with
regards to tensile and creep stress. They are much more effective when combined with engineered
fibers whose mechanical properties are far superior, resulting in a fiber reinforced Polymer Matrix
Composite (PMC). In this form, not only are they excellent structural materials, but their very low
relative density (about 2:1 compared to water) allows designers to exploit the hydrostatic pressure to
relieve most of the tensile stress due to the weight of a high drop construction [11]. This is a particularly
sensitive design constraint for components such as offshore risers, which are used to transfer the fossil
fuel and working fluids from the wellhead, sitting at the seabed, to the surface production and storage
facilities. Due to the exhaustion of many onshore and shallow water oilfields, the need to drill at
greater depths is pushing the design of these structures to the technical limits of traditional building
materials. There is an increasing need for composite and hybrid materials able to withstand XHPHT
conditions and to enable the exploitation of deep-water reservoirs [1,11].

There is not yet extensive experience with PMCs when it comes to marine applications.
The qualification of composite materials for harsh oil and gas services is less advanced than in
the aerospace industry, where specific grades and testing routines have been developed over many
decades [12]. Pipelines and petrochemical component manufacturers are finally ready to shift to fully
composite structures [8]. The main ongoing issue is that the operative working life for those components
should be in the order of tens of years in order for them to be economically viable. Due to the very
inaccessible environment in which they are installed, no maintenance should be needed for the entire
planned lifespan, lest to incur relevant additional costs, and their durability has to be consistently proven.

To introduce a new material grade in a commercial product, such as a flexible riser, the material
has to be fully qualified, first at the specimen level and then as a component prototype, to certify
that it is going to be safe and reliable for the whole working life. For long-term performance, testing
cannot be carried out at a real timescale, as the technology would be obsolete by the time the product
was ready to be introduced to the market. Therefore, there is a call for improved accelerated testing
methodologies, which shorten the test length to reasonable timeframes, in order to successfully predict
the evolution of the material properties over a few decades.

Many operational parameters can affect the results of these tests, so controlling or excluding
the highest possible number will return a more robust methodology. Some of the variables are also
interacting in a highly nonlinear way, such as the temperature, diffusivity coefficient, and chemical
reactions rate. Even when there are theoretical models available to describe these interactions, they still
rely on experimental data to be fit to. Hence, there is a need to map the material properties for certain
conditions and their evolution with time. The more representative the simulating environment is of
the operative scenario, the more accurate the data that is returned. The understanding of the diffusion
kinetics at different temperatures provides useful information for foreseeing how the material will
behave when exposed to the operative conditions. Ideally, if the data available is extensive enough,
it can be possible to define a time-temperature superposition relation, which will allow data from
short-term high temperature testing to be extrapolated to predict long-term performance at lower
temperatures. Holding this information, the materials, and component designers can result in making
an informed decision in a conservative manner.

In this paper, we investigated suitable approaches to measure and quantify the diffusion of
seawater in epoxy-based composites, and attempted to use the glass transition temperature as a means
of quantifying the physical and chemical ageing of the materials. To achieve that, exposures at a range
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of temperatures have been conducted and the effect of the coupon size in obtaining a reliable measure
of the diffusivity is discussed.

2. Materials and Methods

2.1. Materials

The materials used in the experimental work are all commercially available. They were selected
as representative for use in a marine environment involving exposure to seawater and it should be
noted that the present research work does not aim to formally evaluate the performance of these
commercial products.

A two-component Ampreg 26 epoxy resin with amine hardener commercial grade thermoset
epoxy was selected. This material is suitable for vacuum assisted infusion and was obtained
from Gurit (Newport, UK). The epoxy resin consists of a blend of bisphenol A, bisphenol F, and
1,6 hexanedioldiglycidylether, while the hardener is a blend of amines (polyoxyalkyleneamine,
2,2′-dimethyl-4,4′methylenebis (cyclohexylamine), 4,4′-methylenebis (cyclohexylamine), and
2,2′-iminodiethylamine) [13].

The stitched unidirectional glass fiber fabric (1200 g/m2, from Gamma Tensor, Alcoi, Spain)
comprises 3B Advantex® SE 2020 Direct Roving made of boron free E-CR glass, which is designed for
the production of non-crimped fabrics and has a proprietary sizing specifically designed for excellent
adhesion with epoxy resin systems.

Neat epoxy plates were manufactured by compression molding to reduce the formation of voids.
A hydraulic press (Mackey Bowley, now Wessex Hydraulic Services, Trowbridge, UK) was used to
apply a pressure of about 2 MPa at incremental steps to the viscous resin, hence ejecting residual air
from the mould cavity. A rubber seal placed between the mold plates allowed the plates to be adjusted
and let the air evacuate. The compression mold also enabled us to control the plate’s planarity. The
resin was left to cure for 24 h at room temperature, followed by a post-cure of 5 h at 80 ◦C. Once the
curing was completed, the solidified plate was carefully removed from the mold. The plates were
machined by a CNC milling machine to obtain the specimens at the required geometries.

The Glass Fiber Reinforced Polymer (GFRP) composite was manufactured by infusing the
unidirectional glass fiber fabric with the same Ampreg 26 epoxy. A vacuum bag infusion process was
used. After 24 h curing at room temperature, the GFRP plate was removed from the bag and placed
in a forced convection oven (Genlab Ltd., Widnes, UK) at 80 ◦C to post-cure for 5 h. Two machining
methods were used to section the GFRP plates and obtain the required specimens, namely diamond
blade cutting (for initial cut) and waterjet (for finishing of the coupons). There was not any effect of
the cutting method on the specimens obtained for this test program.

2.2. Methods

The evolution of the material properties was monitored by different techniques while the
specimens were exposed in simulated working environments, being soaked in substitute seawater. The
coupons were immersed in plastic containers and kept at different exposure temperatures (25, 55, and
80 ◦C) in forced convection ovens. At scheduled intervals, gravimetric measurements were performed
following the ASTM D5229M [14] standard procedure, allowing the evaluation of fluid absorption
progress. In the first stages, the fluid diffusion proceeded at a higher rate, requiring more frequent
sampling, particularly at the higher temperatures, even at just a few hours, to effectively capture the
absorption through the weight increase. After saturation, the sampling intervals were prolonged up to
weeks. In parallel, Dynamic Mechanical Analysis (DMA) runs were performed to evaluate the glass
transition temperature (Tg).
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2.2.1. Conditioning in Simulated Environments

The gravimetric and DMA test specimens were exposed to substitute (or synthetic) seawater,
described by the ASTM D1141 [15] standard procedure and purchased by ReAgent, (Runcorn, UK), in
order to simulate the marine environment. The composition of the seawater is presented in Table 1.

Table 1. Standard substitute seawater as per ASTM D1141 [15].

Compound
Concentration

(g/L)

NaCl 24.53
MgCl2 5.20

Na2SO4 4.09
CaCl2 1.16
KCl 0.695

NaHCO3 0.201
KBr 0.101

H3BO3 0.027
SrCl2 0.025
NaF 0.003

Other metal nitrates/nitrites <0.1 mg/L
H2O balance

The seawater containers where placed in forced convection ovens to reach the equilibrium
temperature. Different temperatures were selected to accelerate the diffusion and ageing processes.
The selected temperatures were 25, 55, and 80 ◦C, as it was decided not to exceed this higher
temperature, which was already very close to the glass transition temperature of the pristine epoxy.
The oven’s temperature was constantly recorded by K-type thermocouples, logging to the lab server.

To evaluate the possible scale and edge effect due to the nominal coupons’ dimensions, five
different geometries were chosen and are listed in Table 2.

Table 2. Diffusion test coupons’ nominal geometries for both neat Ampreg 26 and GFRP.

Code
h × w × l

(mm × mm × mm)

α 2 × 19 × 19
β 2 × 40 × 40

γ—quasi-infinite 2 × 100 × 100
δ 1—fibers along l direction 2 × 10 × 100
ε 1—fibers along w direction 2 × 100 × 10

1 there is no physical difference between δ and ε for the neat Ampreg 26 (there is no fibre reinforcement); the
10 × 100 samples were unequivocally named as δ.

The specimens, following an initial pre-conditioning to eliminate any possible moisture content
(14 days at 50 ◦C), were introduced in the seawater: this moment is considered the beginning of the
conditioning/ageing process. At regular times, the gravimetric specimens were extracted from the
containers and were weighed, to monitor the progress of the seawater diffusion, and reintroduced in
the simulated environment, in an effort to reduce the exposure to the external atmosphere (5 min at
most out of the seawater) to a minimum. Two scales with a 0.1 mg precision were used for weighing
the coupons. Complete absorption curves were generated in this way. The results were recorded to
monitor the evolution of material properties. At the scheduled end of the conditioning, after about
one-year exposure, the remaining specimens were removed from the exposure and either tested “as-is”
or re-dried in an oven set at 50 ◦C, to evaluate the desorption curves and explore any recovery of the
elastic properties. As a reference control, some coupons were exposed at the same temperatures, but
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kept in dry air within sealed tin cans (silica bags were introduced in order to keep the moisture content
at a minimum), in order to compare the effect of the temperature ageing only on the materials.

2.2.2. Dynamic Mechanical Analysis (DMA)

Dynamic Mechanical Analysis (DMA) was performed using an RSA 3 analyzer, by TA Instruments
(New Castle, DE, USA), to evaluate the glass transition temperature (Tg) of the materials. The sampling
times were scheduled so as to capture the Tg shift in the critical moments of the absorption process.
The loading mode was sinusoidal three-point bending. The loading span was of 25 mm. The sample
geometry was 2 × 10 × 33 (h × w × l) and was obtained by cutting part of the respective δ coupons for
the neat Ampreg 26 and ε coupons for the GFRP. The temperature ramp was set from 25 up to 150 ◦C,
at a 5 K/min heating rate. Such a higher heating rate was selected (instead of the standard 3 K/min)
in an attempt to shorten the period during which the sample was outside the exposure environment.
A trade-off between the measurement precision and the accuracy of the “wet” Tg measured was
required to accelerate the test. The Tg transitions were evaluated both by the storage modulus (E’) drop
onset and by the tanδ peak. The DMA specimens removed at selected intervals of conditioning were
investigated “as-is” and after re-drying in an oven at 50 ◦C for up to two weeks. In this way, it was
possible to evaluate the reversibility of the fluid diffusion on the viscoelastic properties of the materials.

3. Results

The gravimetric measurements are reported as a function of the length of the exposure to the
simulated marine environment (i.e., substitute seawater). The timescale is expressed as the square
root of time, using days as the unit of measure for ease of understanding and to present a consistent
representation between the gravimetric measurements and the rest of the tests. The Fickian theory of
diffusion states that the mass uptake (i.e., moisture content) is linear to the square root time for the
initial part of the Mt vs.

√
t plot. This representation also helps to expand the early stages, when the

absorption process is at its highest rate and can be expected to have the highest degree of influence on
the material properties. The single data point is an average of the weight of the set of specimens (three
replicas for each exposure condition specimen type) involved in a single measurement.

3.1. Gravimetric Measurements on Neat Ampreg 26 Epoxy

Gravimetric measurements on neat epoxy specimens of different geometries were performed to
assess the fluid absorption process and evaluate if any shape factor influences the process. The results
are presented in Figure 1 as an average of the measurements of all the specimens available.

The results obtained show that the diffusion process is not completely Fickian. After an initial
linear uptake (in

√
t space), the material reaches a so-called pseudo-saturation [2,16]. A saturation time

can be calculated, related to the exposure temperature. However, if the gravimetric measurements are
continued, it is evident that the material continues to absorb seawater at a much slower rate, entering
another linear regime. It does eventually reach a definitive saturation stage, but at a much later stage.
For the 80 ◦C exposure, after about six months, the graph shows a noticeable decrease in weight,
perhaps an indication of chemical degradation.

The ASTM D570 and ASTM D5229 standards describe in detail the design and the methodology of
gravimetric testing to evaluate the diffusivity properties for plastics and polymer composite materials.
A pivotal feature is the saturation criteria used, which should be a numerical one, and it relies on the
convergence of the weight of the coupons as those approach a steady saturated state. Hence, from
consecutive measurements, when the relative change in per cent weight gain decreases below a certain
threshold, the material can be deemed as in equilibrium. The ASTM D570 standard states that the
material is saturated when its weight changes less than 5 wt% or less than 5 mg over three consecutive
measures, while the ASTM D5229 (see Equation (1)) is more stringent, and requires a change in weight
by less than 0.020 wt% over each of two consecutive reference time period spans, and examination of
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the weight gain versus (time)1/2 plot. The second criterion is much stricter due to composites being
less prone to absorbing fluid as inorganic fibers are considered inert.

∣∣∣∣Wn − Wn−1

W0

∣∣∣∣× 100 < 0.020% for 2 consecutive reference time span (1)

This approach has its limitations. In particular, it does not consider the actual saturation level of
the material. Therefore, polymers with a very low saturation level or with very low diffusivity can be
evaluated as saturated too early, while others more prone to absorbing or showing secondary stages
could eventually never reach proper saturation. From experimental practice, it is evident that these
criteria are not good enough to capture the time to saturation, but they highly rely on the subjective
evaluation of the operator.
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Figure 1. Gravimetric measurements on neat Ampreg 26 coupons of different shape factors: (a) Alpha;
(b) beta; (c) gamma and (d) delta. (Note: coupons’ dimensions are listed in Table 2). The x-axes are
measured in the square root of seconds.

In this work, a slightly different saturation criterion is proposed, by evaluating the partial increase
over consecutive measurements and dividing this by the overall weight gain to that point. In this way,
small changes are more relevant to low diffusing materials compared to more permeable ones. This
allows a more robust numerical saturation criterion to be defined:∣∣∣∣Wn − Wn−1

Wn − W0

∣∣∣∣ < [thresold value] for [n] consecutive reference time spans (2)

Even this criterion is susceptible to the selection of appropriate threshold values. From our
analysis, it was found that a value of 0.02 (in other words, less than 1/50 of the overall weight gain)
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allows the saturation point to be individuated with a good consistency, even when the fluid uptake is
very slow, i.e., ambient temperature conditions.

In order to improve the reliability of a numerical criterion for the localization/target of the effective
equilibrium, the results obtained using different criteria are compared in Table A1 (see Appendix A).

From the values reported, it can be highlighted that the criterion prescribed by the ASTM D5229M
is less precise and reliable, with a large scatter in the values obtained for each specimen geometry at
any temperature. The proposed method appears to be more consistent, yet it is susceptible to noisy
measurement and still requires a comparison of the Mt vs.

√
t plot. Of the two different threshold

values proposed, the 0.02 is preferred as it captures the effective equilibrium at 25 ◦C in a more accurate
way. For these reasons, for the rest of this study, we refer to the effective equilibrium as defined by the
residual increment Criterion A.

The values in Table 3 are essential for the evaluation of the diffusivity of the material, as is the
consideration of the contribution of the exposed edges of the specimens, hence the deviation from
one-dimensional diffusion.

Table 3. Saturation levels and times for neat Ampreg 26 at various temperatures and specimen shapes.
(Note: Mean values of three specimens for each geometry are listed).

Temperature
Specimen

h × w × l Slope M∞ t∞

(◦C) (mm × mm × mm) (× 10−4 %/
√

s) (%) (days)

25

alpha 2.09 × 18.86 × 19.15 8.8 1.94 113
beta 2.18 × 40.00 × 40.08 7.9 1.90 107

gamma 2.04 × 100.04 × 100.07 8.4 2.01 110
delta 2.15 × 10.08 × 100.03 8.2 1.91 107

55

alpha 2.11 × 18.96 × 19.05 28.4 2.69 55
beta 2.16 × 40.03 × 39.99 26.6 2.60 33

gamma 2.12 × 100.05 × 100.05 26.6 2.63 33
delta 2.07 × 10.06 × 100.05 28.4 2.91 48

80

alpha 2.15 × 19.31 × 19.14 71.7 2.77 16
beta 2.15 × 39.96 × 40.03 65.9 2.77 9

gamma 2.13 × 100.03 × 100.05 64.9 2.79 9
delta 2.12 × 10.05 × 99.97 69.9 2.73 9

3.2. Gravimetric Measurements on GFRP Composite

Similar to the neat epoxy, gravimetric measurements on GFRP specimens of different geometries
were performed to assess the fluid diffusion and evaluate the shape factor effects. The results are
presented in Figure 2. In this case, the alpha coupons were not used due to their small mass (even
considering the relevant inert fiber content), so the change in weight due to the absorbed moisture
would be subject to significant experimental error. Instead, coupons coded as epsilon were introduced.
These have the same bar geometry as coupons denoted as delta, but the fibers are aligned along the
shorter side. The aim is to highlight if the there is any anisotropic effect in the fluid diffusion due to
the fiber presence, such as preferential paths or different contributions of the matrix-fiber interphase.
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Figure 2. Gravimetric measurements on GFRP coupons of different shape factors: (a) Beta; (b) gamma;
(c) delta and (d) epsilon. (Note: coupons’ dimensions are listed in Table 2). The x-axes are measured in
the square root of seconds.

The diffusion at 25 ◦C appears to be Fickian for the duration of the exposure as was at 55 ◦C
for approximately 250 days when a sudden increase in weight was observed. On the contrary, when
exposed at 80 ◦C, diffusion follows a Fickian curve for about 20 days and then significantly deviates,
signifying the beginning of a secondary diffusion stage [17,18].

The moisture uptake at effective equilibrium and the respective time to reach that level were
calculated using the residual increment Criterion A (see Equation (2)) with a threshold value of 0.02
and n = 2. The results are listed in Table 4. The scatter of the individual measurements negatively
affected the precision of determining a consistent point of effective equilibrium, with a large spread
between the different specimen geometries, particularly for the exposure at 80 ◦C. For this temperature,
if the threshold value is increased to 0.04–0.05, taking into account the higher degree of noise in the
measurements, it is possible to obtain much more accurate saturation times.

For the higher exposure temperatures (55 and 80 ◦C), a higher amount of seawater appears to be
absorbed by specimen type epsilon compared to delta, which could be an indication of an increasing
role of the fiber-matrix interphase as the fibers in epsilon are aligned along the shorter side and hence
more fiber edges are exposed to the environment. However, the differences are relatively small and no
solid conclusion can be derived.
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Table 4. Saturation levels and times for GFRP at various temperatures and specimen shapes.
(Note: Mean values of three specimens for each geometry are listed).

Temperature
Specimen

h × w × l Slope M∞ t∞

(◦C) (mm × mm × mm) (× 10−4 %/
√

s) (%) (days)

25

beta 1.72 × 39.99 × 40.00 1.4 0.48 143
gamma 1.70 × 99.84 × 99.73 1.3 0.46 132

delta 1.72 × 9.99 × 99.96 1.4 0.51 182
epsilon 1.70 × 99.90 × 10.03 1.5 0.47 119

55

beta 1.73 × 40.00 × 40.04 6.2 0.65 29
gamma 1.70 × 99.91 × 99.98 5.9 0.67 41

delta 1.73 × 9.95 × 99.98 6.1 0.64 31
epsilon 1.72 × 99.93 × 9.99 6.6 0.66 29

80

beta 1.73 × 39.99 × 39.99 20.0 0.72 8
gamma 1.76 × 99.12 × 99.75 20.0 0.82 24

delta 1.71 × 10.00 × 100.03 19.6 0.75 17
epsilon 1.74 × 99.93 × 10.01 21.1 0.80 70

3.3. Mechanical Performance

The mechanical performance plays a significant role when selecting a polymer composite material
for a structural application in a harsh environment. Amongst the different characterisation techniques,
the tensile test is commonly used to evaluate the mechanical performance and measure the Young’s
modulus and strength [4,12]. In our study, alongside the gravimetric coupons, tensile test specimens
were exposed in seawater over prolonged periods of time. Neat, epoxy specimens were tested
to evaluate the degradation in performance of the matrix alone. Likewise, GFRP specimens with
unidirectional reinforcement in either the longitudinal or transverse direction were tested to monitor
how the fiber- and matrix-dominated mechanical response changes over time. All specimens were
tested at different sampling times, chosen in relation to the advancement of the diffusion stages at the
exposure temperature, in an attempt to capture the most relevant transitions (i.e., pristine material,
linear uptake, Fickian saturation, aged). Although the experimental results of this expensive test
program are not presented here, a close correlation between the performance loss, the degree of
saturation degree, and the exposure temperature was found and will be comprehensively discussed in
a future paper.

4. Discussion

4.1. Diffusivity Calculation for Neat Ampreg 26 Epoxy

The moisture content in the isotropic (Dx = Dy = Dz = D) rectanguloid of Figure 3 is given by the
following integral solution to Fick’s equation for one-dimensional diffusion:

Mt

M∞
= G1D = 1 − 8

π2

∞

∑
j=0

(2j + 1)−2 exp

[
− (2j + 1)2π2Dt

h2

]
(3)

To calculate the diffusivity coefficient, D, a simplified version (valid as Mt/M∞ < 0.6) of the
above equation was considered:

Mt

M∞
= G1D =

4
h

√
D/π ×√

t (4)
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where, Mt is the moisture content at time t, M∞ is the moisture content at the Fickian saturation
(effective equilibrium), and h is the thickness of the specimen. The slope of the Mt vs.

√
t for

Mt < 0.6 M∞ (linear diffusion) is equal to

Slope =
4M∞

h

√
D/π (5)

The above equations do not take into account any diffusion happening from the free edges of
the specimens. For that, the three-dimensional problem of diffusion in a rectanguloid needs to be
considered and solved. Apart from being very computationally expensive, this has the additional
drawback that the diffusivity is not easily determined from the linear initial slot of the Mt vs.

√
t graph.

For this reason, the introduction of a correction factor can be considered, as follows:

G3D = f G1D (6)

and hence,
Dcorr = f−2De f f (7)

where, Dcorr is the corrected diffusivity coefficient for diffusion through the free edges and Deff is the
diffusivity coefficient measured from the gravimetric experiments.

Shen and Springer [19] and Starink, Starink and Chambers [20] have derived correction factors
that are used in this paper to correct the diffusivity coefficients:

Shen and Springer [19]:

fS&S = 1 +
h
w

+
h
l

(8)

Starink, Starink and Chambers [20]:

fSSC = 1 + 0.54
h
w

+ 0.54
h
l
+ 0.33

h2

wl
(9)

The results for the neat Ampreg 26 epoxy are presented in Table 5 for the various temperatures
and specimen shapes.

Figure 3. Schematic of rectanguloid isotropic material specimen.
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Table 5. Diffusivity coefficient for neat Ampreg 26 at various temperatures and specimen shapes. (Note:
Mean values of three specimens for each geometry are listed).

Temperature
Specimen

h × w × l fS&S fSSC
Dr Dr,S&S Dr,SSC

(◦C) (mm × mm × mm) (× 10−13 m2/s)

25

alpha 2.09 × 18.86 × 19.15 1.22 1.12 1.74 1.17 1.38
beta 2.18 × 40.00 × 40.08 1.11 1.06 1.59 1.29 1.41

gamma 2.04 × 100.04 × 100.07 1.04 1.02 1.40 1.29 1.34
delta 2.15 × 10.08 × 100.03 1.24 1.13 1.67 1.09 1.31

55

alpha 2.09 × 18.86 × 19.15 1.22 1.12 9.57 6.43 7.59
beta 2.16 × 40.03 × 39.99 1.11 1.06 9.57 7.80 8.53

gamma 2.12 × 100.05 × 100.05 1.04 1.02 9.03 8.31 8.63
delta 2.07 × 10.06 × 100.05 1.23 1.12 8.02 5.33 9.01

80

alpha 2.15 × 19.31 × 19.14 1.22 1.13 61.09 40.80 48.27
beta 2.15 × 39.96 × 40.03 1.11 1.06 51.01 41.60 45.49

gamma 2.13 × 100.03 × 100.05 1.04 1.02 48.13 44.28 45.98
delta 2.12 × 10.05 × 99.97 1.23 1.13 58.21 38.32 45.83

For the quasi-infinite coupon size (gamma), the two correction factors converge (only 2%
difference) to 1 and therefore, the corrected diffusivities are in better agreement and close to the
measured ones from the experimental curves. For more irregular coupon sizes and especially for the
very small coupon, the correction factors diverge from 1 and from each other, showing a large range of
diffusion coefficients. If all results are compared to the quasi-infinite coupons, then f S&S overcorrects
the diffusivity values; hence, the f SSC is considered more accurate and applicable. This is in agreement
with the results presented in [20,21].

The present analysis demonstrates that quasi-infinite coupons are necessary to obtain accurate
diffusivity values and, in the case that these are not available due to manufacturing issues
(i.e., extracting coupons from a small slab of material), the f SSC correction factor should definitely be
considered to avoid errors, even up to 30%.

4.2. Diffusivity Calculation for the GFRP Composite

As with the isotropic case of the neat Ampreg 26, correction for the diffusion through the free
edges needs to be evaluated for the composite, in addition to considering the anisotropic nature of the
diffusion process.

Starink, Starink and Chambers [20] have presented a modified treatment of diffusion in
unidirectional composites assuming that the fibers do not take any moisture, where the diffusivity
parallel (D‖) and transverse (D⊥) to the fibers in Figure 4 are given by

D‖ = Dr (10)

D⊥ =

(
1 − 2

√
v f
π

)
1 − v f

Dr = g2 × Dr (11)

where v f is the fiber volume fraction of the composite and Dr is the diffusivity coefficient of the neat
resin. The fiber hindrance factor g2 is an expression of the reduced free path for the diffusion species to
follow due to the volume fraction taken by the inert inorganic fibers. It does not take into account any
possible contribution due to the possible different chemical activity of the fiber-matrix interphase.
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Figure 4. Simplified geometry of unidirectional composite for diffusion parallel and transverse to
the fibers.

For the unidirectional composite in Figure 5, the diffusivity coefficients are

Dx = D‖, Dy = Dz = D⊥ (12)

Figure 5. Schematic of rectanguloid anisotropic material specimen.

Similar to the isotropic case, Starink, Starink and Chambers [20] have proposed a correction factor
for an orthotropic medium, ignoring second order edge effects:

fortho = 1 + 0.54
h
w

√
Dy

Dz
+ 0.54

h
l

√
Dx

Dz
(13)

By combining Equation (13) and Equations (10)–(12), it can be found that for the unidirectional
composite, the correction factor is only a function of the geometry of the specimen, considering along
which main direction the diffusion is favored (usually the shortest) and the fiber volume fraction. For
the fibers aligned along the x-axis, as in Figure 5, this results in two possible scenarios:

fortho, ⊥ = 1 + 0.54
(

h
w + h

l
1
g

)
for diffusion mainly ⊥ to the fibers

(14a)

fortho, ‖ = 1 + 0.54
(

h
w + h

l

)
g

for diffusion mainly ‖ to the fibers
(14b)
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Therefore, the effective diffusivity for the composite transverse and perpendicular to the fiber
direction can be estimated as

De f f . ⊥ ∼= f 2
ortho, ⊥D⊥ = f 2

ortho, ⊥·g2·Dr (15a)

De f f . ‖ ∼= f 2
ortho, ‖D‖ = f 2

ortho, ‖·Dr (15b)

The above relationships are plotted in Figure 6 with respect to the volume fraction of the composite
material. It is apparent that the 100 × 100 specimen geometry is closer to the infinite plate solution than
any other geometry, hence providing the most accurate geometry for the measurement of the diffusivity.
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Figure 6. (a) Deff,⊥/Dr and (b) Deff,‖/Dr versus fiber volume fraction for the different shape specimens
used in the study.

The GFRP composite under investigation was found to have a fiber volume fraction of 56%. For this
Vf value, g2 is equal to 0.3536. These values were used in the calculation of the correction factors.

In Table 6, the correction factors and diffusivity coefficients for the composite material are listed.
The value of the diffusivity calculated from the experimental weight gain test curves following the
Fickian approach is denoted as Dc. The corrected values Dc,S&S and Dc,SSC were calculated from
Equation (7) combined with Equation (8) and Equation (14a), respectively. In addition, the effective
diffusivity transverse (⊥) and parallel (‖) to the fibers were calculated from Equation (15a–b) and
presented for comparison. The corrected diffusivity of the neat Ampreg 26 was used in the prediction
of the effective anisotropic diffusivity.
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Table 6. Diffusivity coefficient for CFRP at various temperatures and specimen shapes. (Note: Mean
values of three specimens for each geometry are listed).

Temp.
Specimen

h × w × l fS&S fortho,⊥ fortho,‖
Dc Dc,S&S Dc,SSC Deff,⊥ Deff,‖

(◦C) (mm × mm × mm) (× 10−13 m2/s)

25

beta 1.72 × 39.99 × 40.00 1.09 1.06 1.03 0.51 0.43 0.45 0.56 1.49
gamma 1.70 × 99.84 × 99.73 1.03 1.02 1.01 0.49 0.46 0.47 0.50 1.37

delta 1.72 × 9.99 × 99.96 1.19 1.11 1.06 0.45 0.31 0.37 0.57 1.47
epsilon 1.70 × 99.90 × 10.03 1.19 1.16 1.06 0.60 0.43 0.44 0.63 1.47

55

beta 1.73 × 40.00 × 40.04 1.09 1.06 1.03 5.40 4.58 4.78 3.40 9.01
gamma 1.70 × 99.91 × 99.98 1.03 1.02 1.01 4.46 4.17 4.25 3.20 8.82

delta 1.73 × 9.95 × 99.98 1.19 1.11 1.06 5.37 3.78 4.36 3.92 10.15
epsilon 1.72 × 99.93 × 9.99 1.19 1.17 1.06 5.75 4.06 4.23 4.33 10.14

80

beta 1.73 × 39.99 × 39.99 1.09 1.06 1.03 45.81 38.80 40.57 18.17 48.06
gamma 1.76 × 99.12 × 99.75 1.04 1.03 1.01 36.29 33.85 34.50 17.10 47.03

delta 1.71 × 10.00 × 100.03 1.19 1.11 1.06 39.91 28.27 32.52 19.89 51.53
epsilon 1.74 × 99.93 × 10.01 1.19 1.17 1.06 40.94 28.84 30.05 22.08 51.63

In all cases, the least correction is required for the gamma type coupons, confirming the
convergence to the infinite specimen size. In analogy with the neat Ampreg 26 case, it is evident that
the correction proposed by Shen and Springer [19] seems to underestimate the material’s diffusivity
(i.e., highest values of the correction factor), while the one proposed in [20] is more consistent and
converges the diffusivity values towards the experimental of the 100 × 100 gamma type coupon, which
is the representative closest to the ideal one-dimensional diffusion case.

The results in Table 6, also plotted in Figure 7 with respect to the diffusivity of the resin, suggest that:

1. The effective diffusivity transverse to the fiber direction (Deff,⊥) is approximately half than of the
resin’s, while the diffusivity along the fibers (Deff,‖) is slightly higher than that of the resin;

2. There is satisfactory agreement for the values of the GFRP diffusivity at 25 ◦C to Deff,⊥ but it
progressively deviates at higher temperatures towards Deff,‖. This is an indication that while at
ambient temperature, diffusion is occurring mainly through the thickness of the specimen, and
as the temperature increases, there is significantly more seawater travelling through the edges of
the specimens and along the fibers, which in turn suggests possible weakening of the fiber-matrix
interface, providing an easy pathway for the diffusing liquid.

⊥
⊥

0.1 1 10 100
0.1

1

10

100  Dc SSC

 Deff ⊥

 Deff ||

 Linear fit of Dc SSC

 Linear fit of Deff ⊥

 Linear fit of Deff ||

D
 (1

0-1
3  m

2 /s
)

Dr SSC (10-13 m2/s)

Figure 7. Plot of the effective and measured diffusivity coefficient for the GFRP composites against
that of the corrected epoxy matrix. Note that all temperatures and specimen sizes were considered.
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4.3. Arrhenius Plot and Prediction of Low Temperature Diffusivity

It has been suggested [22,23] that the temperature dependence of diffusivity follows the Arrhenius
equation as

D(T) = Ae
−Ea
RT (16)

where A is a pre-exponential factor and a constant for each chemical reaction, T is the absolute
temperature in Kelvin, Ea the activation energy for the reaction, and R is the universal gas
constant equal to 3.13446 J/mol·K. To explore this assumption for the materials under investigation,
an Arrhenius plot (lnD vs. (1/T)) was constructed for the gamma type specimen (Figure 8a). Despite
the higher exposure temperature being very close to the glass transition temperature of the dry
materials, it appears that the Arrhenius relationship holds for the range of temperatures investigated
and an extrapolation can be safely made to lower temperatures (Figure 8b). Considering the calculated
activation energies of 54.6 kJ/mol and 66.4 kJ/mol for the neat Ampreg 26 and the GFRP, respectively,
the diffusivity at a temperature of 4 ◦C, representing realistic deep-water applications, was evaluated
and shown to be equal to 0.23 and 0.05 × 10−13 m2/s.
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Figure 8. (a) Arrhenius plot and (b) predicted diffusivities for the neat Ampreg 26 and GFRP materials.
Note that gamma specimens (quasi-infinite) are considered only.

4.4. Tg Measurements on Neat Ampreg 26 and GFRP Composite

In parallel to the gravimetric measurements, the change in the glass transition temperature (Tg)
was monitored through an extensive campaign of Dynamic Mechanical Analysis (DMA) tests on
progressively exposed specimens in seawater and dry air at different temperatures. The Tg was taken
from the onset of the drop in the storage modulus (E′) in the DMA curve. The results are presented in
Figures 9a and 10a for the neat Ampreg 26 and GFRP composite, respectively. It can be noticed that for
any curve referring to Tg after seawater exposure, the first local minimum happens at about the same
time as the saturation of the material at the respective temperature when compared to the gravimetric
curves, and the higher the exposure temperature, the faster this initial drop in the Tg.

The materials show a complex behaviour, but some common features can be highlighted. For the
epoxy resin (see Figure 9a), the 25 ◦C seawater exposure shows a monotonic trend in the Tg, which
is seemingly proportional to the seawater uptake, as recorded in the gravimetric test. The higher
temperature exposures, instead, have alternated shifts. The measured Tg following exposure in dry air
at various elevated temperatures did not reveal any additional chemical crosslink happening to the
material, manifested through a rise in Tg, verifying that the epoxy system is properly cured at the start
of the exposure tests [24].
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(a) (b) 

Figure 9. (a) Measured Tg (E′ onset) for A26 epoxy in seawater and dry air at different temperatures
and (b) calculated Tg difference between wet and dry exposures for the A26 epoxy. The x-axes are
measured in the square root of days.

 

(a) (b) 

Figure 10. (a) Measured Tg (E′ onset) for GFRP in seawater and dry air at different temperatures and
(b) calculated Tg difference between wet and dry exposures for the GFRP. The x-axes are measured in
the square root of days.

To investigate the potential effect of the elevated exposure temperature, the Tg measured from
the specimens exposed in air was subtracted from that measured from the specimens in seawater. For
25 ◦C, the dry Tg value of 86 ◦C was considered as constant with exposure time. The resulting curves
are shown in Figure 9b for the neat Ampreg 26. If the values beyond saturation of the material and up
to the full duration of the exposure (i.e., one year) are considered, it appears that the net seawater effect
is relatively similar for the elevated temperatures and significantly greater for the 25 ◦C exposure.

Zhou and Lucas [25] have articulated that there are two types of water bound in an epoxy’s
crosslinked network. Type I bound water breaks inter-chain Van der Waals bonding and forms
hydrogen bonds (Figure 11a). The net effect of Type I bound water is the increase in chain mobility
that contributes to Tg depression. If only Type I bound water existed in the material, the Tg of the
resin system would be independent of hygro-thermal exposure conditions; in other words, unaffected
by exposure temperature and exposure time duration. In addition, there is Type II bound water that
promotes secondary crosslinking with hydrophilic groups, such as hydroxyls and amines (Figure 11b).
Popineau et al. [26] also postulated the existence of different types of water diffusing in epoxy, which are
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in agreement with the Langmuir-like diffusion kinetics proposed by Carter and Kibler [27]. However,
they attributed different interactions of the water molecules to the polymer matrix, referring to them as
free or bound solvent. There is no universal agreement about the behaviour of water inside a polymeric
medium beside the initial plasticization effect [28]. Yet, different authors have proposed the dual type
mechanism to explain the evolution of glass transition shifts [29–31].

 

(a) 

 

(b) 

Figure 11. (a) Water molecules form one hydrogen bond with the epoxy network and (b) water
molecules form more than one hydrogen bond with the epoxy network [25].

Zhou and Lucas proved that the amount of Type II bound water increases with immersion
time and a higher immersion temperature [25]. Therefore, the measured Tg value is influenced by
a dual-mechanism process. That is, Type I bound water causes a drop in Tg and Type II bound
water lessens the drop in Tg because of secondary crosslinking as a result of the water-thermoset
network interaction.

This approach can explain the Tg decrease trend depicted in Figure 9b, where the exposure at
25 ◦C has caused much greater depression (ΔTg = −29 ◦C) when compared to the exposures at 55 ◦C
and 80 ◦C (ΔTg of −15 ◦C and −13 ◦C, respectively), where the amount of Type II bound seawater
would be much greater. When the absorbed seawater was removed by drying the specimens at 50 ◦C,
there was a full recovery of the Tg with measured values of 87 ◦C, 91 ◦C, and 88 ◦C when the initially
dry Tg of the material was measured in between 85 and 88 ◦C. It has been suggested that the recovery
of the Tg is associated with the removal of Type I bound seawater that restores inter-chain Van der
Waals bonding, which in turn masks the secondary cross-linking effect on Tg.

Similar to the epoxy, the variation in Tg of the GFRP composite with exposure time is presented
in Figure 10a, while the net seawater effect, expressed as the difference between the Tg after seawater
exposure and that after dry air exposure at the same temperature, is given in Figure 10b. The measured
Tg shows the same monotonic trend, seemingly proportional to the seawater uptake, as recorded in
the gravimetric tests. As for the neat epoxy, the depression in Tg was very close, irrespective of the
elevated exposure temperatures, particularly if the last two points in the curve representing the 80 ◦C
are treated as outliers since their respective Tg depression could not be replicated when the tanδ Tg
value was considered. There was a greater Tg decrease for the 80 ◦C exposure, although the difference
to the elevated temperatures was not as high. It is believed that in addition to the two mechanisms
described earlier affecting the Tg depression, there is a third one related to the presence of the glass
fibers and in particular, the interaction of the fiber-matrix interface with the absorbed seawater. Again,
when specimens were dried following one-year exposure to seawater, the Tg was fully recovered with
measured values of 84 ◦C, 89 ◦C, and 84 ◦C, when the initially dry Tg of the material was measured in
between 81 and 88 ◦C.

If the Tg decrease was only influenced by the polymer plasticization and enhanced inter-chain
mobility, then the Gordon-Taylor model [32] (see Equation (17)) would describe the relationship to
the seawater content and all measured Tg values would lie along the same curve, irrespective of
the exposure temperature. Instead, the parameter k in the model is different for different exposure
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temperatures, denoting a significant effect of temperature and reinforcing the assumption of different
mechanisms affecting Tg.

The Gordon-Taylor model describes the glass transition temperature Tg of a polymer as

Tg =
(1 − xw)Tgdry + kxwTgw

(1 − xw) + kxw
(17)

where xw is the seawater content, Tgw is the glass transition temperature of the seawater taken to be
equal to that of water (−137 ◦C) [32], Tgdry is the glass transition temperature of the dry material, and
k is a material parameter denoting the effect of the presence of seawater beyond the linear rule of
mixtures (i.e., k = 1). From Figure 12, it is suggested that the effect of seawater content is greater for the
GFRP composite, where a smaller amount of absorbed liquid causes a greater Tg decrease and hence
kGFRP > kresin for all exposure temperatures.

 
(a) (b) 

Figure 12. Correlation between the experimental results for (a) neat Ampreg 26 and (b) GFRP composite
and Gordon-Taylor model, for Tg evolution with seawater content.

5. Conclusions

An extensive ageing campaign on epoxy and epoxy-based GFRP materials was conducted. The
aim was to investigate the evolution of the material properties when exposed to a simulated marine
environment. Three different temperatures were chosen (25, 55, and 80 ◦C), to compare the different
rates at which the material properties would change, due to the increased physical/chemical kinetics.

The absorption progress was mainly monitored by gravimetric measurements. The results show
that the behaviour is not completely Fickian. In particular, for the GFRP composite, the anisotropic
nature of the material influences the diffusion kinetics with increasing temperature, both due to the fiber
presence and the changing conditions of the fiber-matrix interphase. Two different correction factors
were used, with that proposed by Starink et al. [20] providing more accurate results. Nevertheless, it is
critical to use coupons with a width/length to thickness ratio of 50:1 or more (quasi-infinite plate) to
reduce the effect of the fluid diffusion through the edges.

Using an Arrhenius plot, the exponential relation between the diffusivity coefficient and the
exposure temperature was verified and the diffusivity coefficient values for the materials at a temperature
of 4 ◦C, typical of offshore operative scenarios, were estimated at 0.23 and 0.05 × 10−13 m2/s for the
neat Ampreg 26 and the composite, respectively.

In addition to the gravimetric measurements, tensile tests were performed on both materials
to evaluate the evolution of mechanical performance with exposure to seawater. Although the
experimental results are not presented in this paper, a close correlation between the performance loss,
the degree of saturation, and the exposure temperature was found.
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The shifts in the glass transition temperature for the different exposure conditions show that
the initial local minimum happens at about the same time as the material saturates. The data was
analysed in light of the findings reported by Zhou and Lucas [25] about the two types of bonding of
water molecules with the epoxy network. The different bonding can increase chain mobility or induce
secondary cross-linking, hence altering the materials’ Tg. Moreover, for the GFRP composite, the
fiber-matrix interphase seems to play a role in the plasticization effect due to water absorption. When
the specimens are re-dried after exposure, the recovery of Tg is almost complete, so the process seems
to be mostly reversible. From an analysis of the data using the Gordon-Taylor model, it is evident that
the plasticization effect is not just dependent on the water content, but also the temperature, and the
different type of chemical bonds promoted do influence it.

Finally, the results verify the feasibility of accelerating the diffusion of seawater in polymer and
polymer composites as a reliable way to recover the diffusivity factors at different temperatures and to
estimate them for temperatures well below the glass transition of the polymer. The evaluation of the
evolution of the glass transition temperature (Tg) is more complex due to the concurring mechanism
interacting with the polymer network.
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