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Alloy Strengthening Mechanisms, Microstructure Control, and
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1. Introduction and Scope

Alloys and metal matrix composites (MMCs) are fundamental enablers of techno-
logical progress across critical engineering sectors, including aviation, aerospace, marine,
automotive, and advanced electronics [1–10]. The rapid evolution of these industries is
driving an escalating demand for materials that exhibit superior mechanical properties,
lightweight characteristics [11–14], and multifunctional performance, particularly for large-
scale, geometrically complex structural components [15–22]. Accordingly, developing
high-performance advanced alloys and MMCs has emerged as a pivotal research frontier,
holding immense potential for next-generation engineering applications.

Once the primary composition of a material is determined, its key properties—such as
density, strength [7,20,23,24], electrical/thermal conductivity [25–28], tensile performance,
ductility [29,30], high-temperature stability, and corrosion resistance—are predominantly
determined by its microstructure [20,31–33]. Therefore, a deep understanding of the
fundamental strengthening mechanisms and the development of effective microstructure
control strategies are essential for optimizing the performance of these structural and
functional materials.

This Special Issue, entitled “Alloy Strengthening Mechanisms, Microstructure Control,
and Performance Optimization”, showcases the latest breakthroughs in understanding of
strengthening mechanisms, microstructure evolution, and performance enhancement in
alloys and MMCs. This Special Issue emphasizes establishing quantitative relationships
among processing parameters, microstructure evolution, and mechanical properties. It also
highlights the development and application of innovative processing strategies, novel alloy
design approaches, and emerging characterization techniques.

By compiling cutting-edge research in this field, this Special Issue aims to provide
critical insights to advance the development of next-generation high-performance materials
for extreme service environments and advanced engineering applications.

2. Contributions

This Special Issue comprises fourteen peer-reviewed articles, categorized by material
systems: five contributions on Ti alloys, four on Al alloys, and five dedicated to other
advanced alloys, including Mo alloys, W alloys, Ni3Al alloys, high-entropy alloys, and
stainless steel. Choi et al. [34] investigated the natural aging (NA) and artificial aging (AA)
effects on the precipitate formation and the corresponding strengthening and deformation
behaviors of Al–Mg–Zn alloys. NA-treated alloys showed ~10% higher elongation at an
equivalent strength compared to AA-treated ones, due to their enhanced work-hardening
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capacity and narrower precipitate-free zones. NA samples mainly formed GP zones and
solute clusters with a coherent interface with the matrix, while AA samples contained
incoherent η′/η phases. TEM and EBSD analyses revealed more uniform geometrically
necessary dislocations distribution and higher anisotropy in NA-treated sheets, offering
guidance for aging process optimization in lightweight applications.

Jiang et al. [35] investigated the effect of pre-deformation on the corrosion fatigue
crack propagation (CFCG) of an Al–Mg–Zn alloy in 3.5% NaCl solution. Tensile tests and
molecular dynamics simulations showed that higher pre-deformation increased dislocation
density and tensile strength by 2.63% (5%) and 10.00% (10%). EBSD and TEM analyses re-
vealed that 5% pre-deformation caused dislocation pile-ups, promoting crack propagation,
while 10% led to non-uniform dislocation distribution, enhancing crack resistance.

Šmalc et al. [36] modified the eutectic Al–Ni alloy by adding 0.6 wt.% Zr to enhance its
mechanical properties via precipitation strengthening. After T5 heat treatment and aging at
350 ◦C, the formation of fine, coherent L12-Al3Zr precipitates contributed to the increased
microhardness by ~60% and doubled the yield strength to 213 MPa room temperature (RT).
TEM analysis showed the precipitates maintained relatively good thermal stability after
30 days. However, the strength enhancement was not retained at 300 ◦C, where the yield
strength dropped to 53 MPa. The results suggest that Al–Ni–Zr alloys offer promising
room-temperature performance but limited high-temperature strength retention.

Ren et al. [37] investigated non-axisymmetric die-less spinning of 6063-O aluminum
alloy tubes with right-angle grooves using finite element simulation and experiments.
Multi-pass forming yielded more uniform wall thickness and lower stress than single-pass
forming, with stress localized at the groove bottom and strain concentrated at the roller
exit. The study demonstrates that optimized roller path design is critical for improving
groove quality and process stability.

Gołasz et al. [38] investigated the biocompatibility and antibacterial properties of
Ti13Nb13Zr alloys treated by etching, sandblasting, and plasma electrolytic oxidation
(PEO), followed by covering in silver nanoparticle (AgNP) suspension. The PEO-treated
alloys showed good biocompatibility with human fibroblast cells, promoting cell growth.
However, deposited AgNPs exhibited only slight and short-term antibacterial effects
against E. coli and S. aureus within the first two hours. The study highlights the need
to optimize the concentration of AgNP for the PEO treatment of metal alloys to improve
long-term antibacterial performance.

Ji et al. [39] proposed a novel coupled treatment method (PDCT) combining deep
cryogenic treatment (DCT) with a high pulsed magnetic field (PMT) to improve the me-
chanical properties of an as-cast TC4 titanium alloy. The optimized PDCT sample exhibited
a tensile strength of 921.4 MPa, elongation of 7.6%, and fracture energy of 5.47 × 107 J/m3,
improved by 4.9%, 28.8%, and 80.5%, respectively, compared to the untreated alloy. The
enhanced strength–toughness resulted from combined texture, dislocation, precipitation,
and grain refinement strengthening induced by the synergistic effects of DCT and PMT.

Löschner et al. [40] analyzed the influence of Johnson–Cook (JC) material model
parameters on FEM simulations of orthogonal turning for Ti6Al4V alloy. Experimental
tests of cutting force components, temperature, and chip geometry were used to validate
the simulation. Results showed that A, B, and m had the strongest impact on cutting forces,
temperature, stress, and chip morphology, while C and n had lesser effects. The study
emphasizes the importance of precise parameter calibration to ensure accuracy in modeling
machining processes, especially for difficult-to-machine alloys like Ti6Al4V.

Xiao et al. [41] employed a Gleeble thermal simulator to investigate the effect of cooling
rate on the microstructure evolution and mechanical behavior of Ti-6Al-4V. Compression
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tests revealed that ultra-fast cooling (~7000 ◦C/s) produces a fully martensitic Ti-6Al-
4V structure with enhanced strength and increased fracture strain, which, based on 3D
microstructure reconstruction and EVP-FFT crystal plasticity analysis, is attributed to
refined α′ laths and a higher fraction of high-angle boundaries that promote uniform strain
distribution and reduced stress triaxiality. The study highlights extreme-rate martensitic
transformation as a potential pathway to overcome the traditional strength–ductility trade-
off in Ti-6Al-4V.

Huang et al. [42] analyzed the titanium chip crushing process using finite element
simulation to optimize the titanium chip crushing process. Simulation results revealed that
increasing the number of roller teeth led to the stresses on the chips changing more smoothly
towards the sides and the stresses changing more stably, and also reduced the length of the
broken titanium chip. The number of teeth was identified as the most influential parameter,
with the optimal conditions being 27 teeth for the crushing roller, a roller speed of 22 r/min,
and a cutting edge angle of 90◦.

Li et al. [43] investigated the structural stability and mechanical properties of FeCoCrN-
iMox (x = 0–1.3) high-entropy alloys (HEAs) using first-principles calculations coupled
with the special quasi-random structure (SQS) method. It was found that all examined
alloys were thermodynamically and dynamically stable except FeCoCrNiMo1.3, and Mo
addition increased ductility and anisotropy while slightly reducing strength and stiffness.
FeCoCrNiMo0.5 HEA coatings were then fabricated via laser cladding and showed a
surface hardness of 437.91 HV0.2.

Zang et al. [44] studied the effect of small Ti additions (2 and 5 at.%) on Mo-40V-
9Si-8B alloys prepared via high-energy ball milling and subsequent heat treatment. The
Ti-containing alloys formed supersaturated (Mo,V,Ti) solid solutions during milling, which
decomposed into (Mo,V,Ti)ss, (Mo,V,Ti)3Si, and (Mo,V,Ti)5SiB2 phases after heat treatment.
Ti additions slightly refined particle size, increased microstrain, and modestly improved
microhardness. The results suggest that Ti- and V-modified Mo–Si–B alloys offer potential
for high-temperature structural applications.

Cai et al. [45] prepared Cu-coated graphene (Cu@Gr)-reinforced W–Mo–Cu composites
via vacuum infiltration sintering at 1300 ◦C for 1.5 h, and investigated the effects of Cu@Gr
content (0.2–1.0 wt.%) and W–Mo skeleton relative density (73–85%). It was found that
adding Cu@Gr promoted Mo2C formation and improved densification. At 0.6 wt.% Cu@Gr,
the composite containing 0.6 wt.% Cu@Gr exhibits the highest relative density, thermal
conductivity, and electrical conductivity, showing 8%, 64% and 73% increases, respectively,
versus Cu@Gr-free samples. Adjusting skeleton density influenced conductivity and
hardness, but did not hinder the densification.

Huang et al. [46] investigated the microstructural evolution and mechanical degra-
dation mechanisms of cold-drawn 310S stainless steel under repeated thermal cycling
between 900 ◦C and room temperature. The results revealed that the thermal cycling in-
duced significant lattice distortion, dislocation accumulation, and recrystallization, leading
to grain refinement and tensile strength improvement, but also caused subsurface cracking
and ductility loss. These findings indicate that even short-term cyclic thermal exposure can
markedly accelerate embrittlement.

Jóźwik et al. [47] explored the effects of the temperature and strain rate during the hot
rolling process on the microstructural evolution of fine-grained Ni3Al intermetallic alloy
doped with Zr and B. EBSD analysis revealed that dynamic recrystallization initiated at
1100 ◦C, with recrystallized grain fraction increasing at higher temperatures and strain
rates. A non-stationary heat transfer model was developed, and it was found that higher
strain rates led to higher material temperatures during deformation.
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3. Outlook

This Special Issue of Materials has attracted a substantial number of submissions,
culminating in the publication of 14 rigorously peer-reviewed, high-quality articles. The
collected studies comprehensively showcase the latest advancements in strengthening
mechanisms, microstructure control, and performance optimization of alloys and metal ma-
trix composites. They provide critical insights into the interrelationships among processing
techniques, microstructural evolution, and material properties. By employing innovative al-
loy design, advanced processing methods, and cutting-edge multi-dimensional, multi-scale
characterization techniques, these works demonstrate effective pathways for enhancing
overall material performance. Collectively, they offer valuable guidance for the develop-
ment of next-generation high-performance materials targeted for critical applications in
aerospace, the automotive industry, the energy industry, and advanced electronics.

As Guest Editors, we sincerely appreciate the exceptional contributions from all
authors, the rigorous evaluations by the reviewers, and the dedicated support from the
editorial team, which were instrumental in ensuring the scientific rigor and impact of this
Special Issue.

Funding: This research was funded by the National Natural Science Foundation of China (Grant
Nos. 52304380 and 51674171).

Acknowledgments: We extend our heartfelt thanks to all the authors and reviewers whose excep-
tional efforts made this Special Issue possible. We hope this Special Issue will serve as an informative
and valuable reference for ongoing and future research in the field.

Conflicts of Interest: The authors declare no conflicts of interest.

List of Contributions:

1. Choi, K.; Lee, S.; Bae, D. Natural and Artificial Aging Effects on the Deformation
Behaviors of Al–Mg–Zn Alloy Sheets. Materials 2024, 17, 4478. https://doi.org/10.3
390/ma17184478.

2. Gołasz, P.; Płoska, A.; Korniienko, V.; Diedkova, K.; Varava, Y.; Zieliński, R.;
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47. Jóźwik, P.; Polkowski, W.; Panas, A.J.; Bojar, Z. Microstructure Evolution of Ni3Al-Based Intermetallic Alloy Strips After Hot
Rolling. Materials 2025, 18, 3016. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

7



materials

Article

Natural and Artificial Aging Effects on the Deformation
Behaviors of Al–Mg–Zn Alloy Sheets

Kwangmin Choi 1, Sangjun Lee 1,2 and Donghyun Bae 1,*

1 Department of Materials Science and Engineering, Yonsei University, Seoul 03722, Republic of Korea;
ckm88wkd@yonsei.ac.kr (K.C.)

2 Institute of Industrial Science, The University of Tokyo, 4-6-1 Komaba, Meguro 153-8505, Tokyo, Japan
* Correspondence: donghyun@yonsei.ac.kr; Tel.: +82-2-2123-5831

Abstract: This study investigated the effects of aging profiles on the precipitate formation and the
corresponding strengthening and deformation behaviors of Al–Mg–Zn alloys. The alloys subjected
to natural aging (NA) demonstrated significantly enhanced ductility at equivalent stress levels
compared to those subjected to artificial aging (AA). In AA-treated alloys, η′ and η-phases with
incoherent interfaces were formed, while GP zones and solute clusters were dominantly exhibited in
the NA-treated alloy with a coherent interface with the matrix. Due to the change in interface bonding,
the dislocation movement and pinning behavior after deformation are varied depending on the aging
conditions of Al–Mg–Zn alloy sheet. Thus, the elongation to fracture of the NA alloy sheet was
improved compared to that of the AA alloy sheet because of the enhanced work-hardening capacity
and the thin precipitate-free zone (PFZ). Deformation textures and dislocation densities varied
between NA and AA treatments, as revealed by electron backscatter diffraction (EBSD) and kernel
average misorientation (KAM) analysis. The interactions between the precipitates, dislocations, and
the PFZ in the AA- and NA-treated alloys were analyzed via transmission electron microscopy (TEM).
The insights gained from this research provide a valuable foundation for industrial applications,
particularly in sectors demanding lightweight, high-strength materials, where optimizing the aging
process can lead to significant performance improvement and cost savings.

Keywords: aluminum alloys; artificial aging; natural aging; precipitates; dislocations; precipitate-free
zone

1. Introduction

The demand for high-performance, lightweight aluminum alloys increases rapidly
owing to the growing environmental concerns in industries [1–4]. The 7xxx series of
Al alloys comprising Al, Mg, Zn, and Cu are promising structural materials with high
strength-to-weight ratios because of their exceptional precipitate strengthening. The general
precipitation in an Al–Zn–Mg alloy can be described as follows [5]:

Supersaturated solid solution (SSS) → Guinier–Preston (GP) zone (GP I, GP II) →
metastable phase η′ → equilibrium phase η (MgZn2)

In the initial stage of aging, a GP zone, which has a fully coherent interface with the
matrix, is formed from the supersaturated solid solution matrix as a precursor for the
nucleation of η′. Two types of precipitates (GP I and GP II) exist in the GP zone. The
GP I zone consists of Al–Zn and Zn–Mg on the {001} plane of the aluminum matrix with
a fully coherent interface. The GP II zone, however, is treated as a Zn cluster on the
{111} plane of the aluminum matrix [6]. The metastable phase η′ is the major hardening
precipitate responsible for the peak hardening of the Al–Zn–Mg–(Cu) alloy. The stable
phase η (MgZn2) is obtained after over-aging [7].

Typically, the mechanical properties of Al–Zn–Mg alloys can be enhanced through
artificial aging (AA), which is performed under “elevated temperatures” between 100 and
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200 ◦C for most conventional aluminum alloys [8,9]. The strength of Al alloys is controlled
by the type, morphology, and physical characteristics of the precipitates, which in turn
depend on the composition and the additional solute elements [4,10]. A high-strength
7000 series aluminum alloy with T-phase (Mg32(Al, Zn)49) precipitates was obtained at a
high Zn/Mg ratio. Strengthening precipitates can be designed by changing the Zn/Mg ratio,
such as T, η′, and η-phases [9]. Zhao et al. [11] obtained Al–Mg alloy sheets with desirable
mechanical properties by adding adequate Zn. Hot-rolled Al–9.2Mg–0.5Zn alloy exhibited
a higher ultimate tensile strength (UTS, 434 ± 5 MPa), yield strength (YS, 228 ± 2 MPa),
and elongation (48 ± 2%) than Al–Mg alloy sheets. Smith and Grant [12] observed that the
precipitation rate at low-temperature aging conditions could be increased in the presence
of 0.5 wt. % of the Cu element because numerous nucleated GP zones induced considerable
strengthening. Liu et al. [13] reported that Ag improved the tensile properties and fracture
toughness of novel Al–Mg–Zn alloy sheets by precipitation hardening.

Natural aging (NA) performed at “room temperature” also strengthens the alloy.
NA leads to a different type of precipitate from AA, usually requires a long aging time,
and achieves a lower hardness level. Liu et al. [14] investigated the formation of solute
clusters and GP zones in Al–Mg–Zn alloys during NA. Furthermore, the formation of
clusters in long-term natural aging is also defined. Geng et al. [15] studied the effects of
Cu atoms on the precipitation and solute clustering during the initial stages of NA. Cu
atoms promoted the formation of solute clusters, so a large number of clusters influenced
the transformation of T′-phases. Furthermore, the positive effect of NA on the mechanical
properties of Al–Mg–Zn alloy was investigated. Zhao et al. [16] explored the influence of a
four-stage aging treatment on the strength and elongation of 7000 series of aluminum alloy
sheets after AA and NA. Before the re-aging treatment, NA enhanced the tensile strength
and elongation of the alloy because of the formation of GP zones.

So far, most research on the aging of Al–Zn–Mg alloys has focused on strategies to
enhance their strength or investigations about the formation mechanisms of hardening
precipitates. Previously, some researchers tried to develop a ductility-enhanced Al–Mg–Zn
alloy. A high-ductility Al–Zn–Mg alloy was obtained from a Zn-modified Al–Mg alloy
by enhancing the work hardening [11]. Al–Mg alloy with a moderate Zn content can
achieve random grain orientation and effective work hardening, leading to high ductility in
hot-rolled samples. Furthermore, Mn and Ag are excellent solute elements because they can
promote grain refinement to form a narrow precipitate-free zone (PFZ) in Al–Zn–Mg alloys
and enhance ductility [17]. Ogura et al. used Ag-containing intermetallic compounds to sta-
bilize grain structures and accelerate the nucleation of strengthening dispersoids. Although
a few studies have investigated the methods to develop high-ductility Al–Mg–Zn alloys
using extra solute elements, the specific influence of precipitates on deformation behaviors,
such as texture and dislocation interactions, remains unclear. Moreover, the attempts to
enhance the ductility of Al–Zn–Mg alloys and define the difference in deformation behavior
in artificially and naturally aged alloys have been insufficiently reported.

In this study, the plastic deformation behaviors of Al alloys under AA and NA treat-
ments were investigated to explore the mechanism of strength and ductility enhancement,
providing insights into their specific applications. According to the aging conditions, the
microstructure of the alloy is varied, and it offers an opportunity to change the dislocation
activity. This study also suggests that the presence of precipitates contributes significantly
to the mechanical properties with respect to texture and plastic anisotropy, which is a novel
perspective to understand the structure–performance relationship of Al alloys.

2. Materials and Methods

Al–Mg–Zn alloys were fabricated using a conventional casting method, an electric
resistivity furnace, and a permanent steel mold. Pure Al (purity 3N, Hanjin Metal) was
melted at 730 ◦C under ambient conditions, and then Mg (Purity 4N, Hanjin Metal) and Zn
(Purity 4N, Hanjin Metal) were added according to the compositions listed in Table 1. The
liquid alloy was held for 30 min to achieve compositional uniformity to the alloy melts, and
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the melts were poured into a steel mold. Bar-type ingots were subjected to heat treatment
at 500 ◦C for 12 h for homogenization. The surfaces of the ingots were then mechanically
milled to remove surface defects, such as the oxide layer. Subsequently, hot rolling was
applied to reduce the thickness of the ingot to 4 mm at a 20% reduction rate. Cold rolling
was then performed at a reduction rate of 10–20% to reach a 1.0–1.2 mm thickness. The
as-rolled alloy sheet was solution-heat-treated at 500 ◦C for 15 min to recrystallize the
grain and solutionize the alloying element. Subsequently, AA and NA were conducted to
enhance the mechanical properties, particularly the strength. AA was performed under
120 ◦C, and NA was conducted at room temperature (25 ◦C).

Table 1. Chemical composition of Al–Mg–Zn alloy (wt. %).

Mg Zn Mn Fe Al

Desired composition 5 4 0.3 - Bal.
Measured composition 4.85 3.97 0.27 0.08 Bal.

Vickers hardness and uniaxial tension tests were performed on the alloy sheets at reg-
ular time intervals. The specimens were artificially and naturally aged, then mechanically
polished to remove the oxide layer. Then, the Vickers hardness test was performed with a
200 gf compression load; furthermore, analysis was performed as uniformly as possible. An
Instron-type uniaxial tension test machine (RB301, R&B, Daejeon, Korea) with a constant
crosshead speed (initial strain rate of 1 × 10−3/s) was used for the tensile tests at room
temperature on a dogbone-type test sample (ASTM E8). Test specimens were prepared
along various rolling directions.

The microstructures of the alloys were characterized using electron backscatter diffrac-
tion (EBSD, Oxford, UK). EBSD mapping was conducted at 20 kV and 14 mA with a
0.4 μm step size. Furthermore, the AA- and NA-treated alloy precipitates were observed
using transmission electron microscopy (TEM, JEM-ARM200F(NEOARM), JEOL, Tokyo,
Japan). The specimens were prepared using a focused ion beam (FIB, CrossBeam 350, Zeiss,
Oberkochen, Germany).

Thermal analysis was performed using differential scanning calorimetry (DSC; Q100,
TA, DE, USA). The heating rate was varied as 5, 10, 15, and 20 ◦C/min in an Ar
gas atmosphere.

3. Results

3.1. Mechanical Properties after AA and NA

The influence of AA and NA treatments on the mechanical properties of Al–Mg–Zn
alloy sheets was investigated. Figure 1 presents the evolution of Vickers hardness as a
function of aging time. AA (x) and NA (x) indicate the Al–Mg–Zn alloy sheets after AA and
NA treatments, respectively, where x is the aging time. As time progressed, the hardness
of AA samples generally increased, reaching a maximum at 24 h, as shown in Figure 1a.
The increase in hardness was fast at the initial stage of AA and saturated after 12 h. In
contrast, NA required a significantly longer time to reach the maximum value than AA,
as shown by the dashed line in Figure 1a,b. The hardness of NA (570 d) was still lower
than the maximum value of AA. Although the hardening rate at the initial stage was high
for NA samples, it remained constantly lower than the AA samples. As indicated by the
dashed lines and circles in Figure 1a,b, the 2, 6, and 10 h AA samples had similar hardness
values to the 2-, 86-, and 570-day NA samples.
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Figure 1. Vickers hardness as a function of aging time in (a) AA-treated and (b) NA-treated Al alloys.

To investigate the difference in the mechanical properties between AA and NA sam-
ples, uniaxial tensile tests were performed on the AA (2 h) and NA (2 d), AA (6 h) and
NA (86 d), and AA (10 h) and NA (570 d) parallel to the rolling direction, which showed
comparable hardness levels, as marked in Figure 1a,b. As shown in Figure 2a,b with the
blue, red, and green dashed lines, the UTSs of AA (2 h), AA (6 h), and AA (10 h) were
similar to those of NA (2 d), NA (86 d), and NA (570 d), respectively. The hardness value
is calculated by the size of the indenter after the plastic deformation; hence, the Vickers
hardness value should be compared with the UTS, which represents the ability to resist
deformation. This is a common relationship between Vickers hardness, yield strength, and
tensile strength for aluminum alloy [18]. Though the increment trends of YS following
the aging time are the same in both AA and NA samples, the value of yield strength is
not similar between AA and NA. However, the AA samples showed a higher YS than the
NA samples, indicating that the precipitates in the AA and NA samples contributed differ-
ently to the YS enhancement. That might have resulted from the dislocation movement
during deformation; hence, the relationship between the precipitates and the strengthening
behavior will be discussed later in this paper.

Figure 2. Stress–strain curves of (a) AA and (b) NA. (c) Graphs of instantaneous strain-hardening
rate against stress increment for AA (10 h) and NA (570 d).
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In contrast to the YS and UTS, the average elongation at the break of AA (~15%) was
much lower than that of NA (~25%). Compared with the elongation of the solution-treated
(O-tempered) alloy, the strain values decreased by approximately 5.9% and 13.6% for
NA and AA, respectively. Typical aging-hardenable alloys showed a decreased ductil-
ity when the alloy’s strength increased, commonly referred to as the “strength-ductility
trade-off phenomenon” [19]. Although the uniaxial tensile tests were performed on AA
and NA samples with comparable hardness levels, the ductility decrement ratios of AA
and NA were significantly different. The elongation difference between AA and NA
was verified by the strain hardening rate as a function of σ − σy, which was adopted to
confirm the work hardening ability in AA (10 h) and NA (570 d), as shown in Figure 2c.
The strain hardening rate (θ) was calculated based on the Kocks–Mecking (KM) plots
(θ = dσ/ dε) [20]. The θ value dramatically decreased in the initial stage due to the elastic-
to-plastic deformation transition. Then, the θ value decreased continuously until failure.
A larger θ value corresponded to uniform elongation and a delay of necking, indicating
better ductility [21,22]. As shown in Figure 2c, the strain-hardening rate of NA (570 d) was
higher than that of AA (10 h) during the entire plastic deformation process, which was
responsible for its greater elongation at break.

3.2. Precipitate Analysis and Microstructure of Al–Mg–Zn Alloy Sheet after AA and NA

Figure 3 shows the DSC curves of Al–Mg–Zn alloy sheets after aging treatment at a
heating rate of 10 ◦C/min. The peaks in the curves indicate an exothermic reaction for
the upward peak and an endothermic reaction for the downward peak; hence, the peak
temperatures reflect the formation and dissolution of precipitates. Previously, the formation
of precipitates in Al–Mg–Zn alloy after artificial aging was sufficiently examined [5–9].
The strengthening precipitates, η′ and η-phases, in peak artificially aged Al–Mg–Zn alloy
were formed and distributed. Meanwhile, the main strengthening phases of the naturally
aged alloy were not sufficiently discussed because it is hard to discover the clusters and
precipitates of naturally aged alloy with microstructure analysis in the initial stage and
specific time. Hence, it is necessary to define the dominant precipitates in NA-treated
alloy samples using thermal analysis. Some researchers have revealed that the cluster and
the GP zone were formed in the temperature range from 50 to 150 ◦C, and the GP zone
was dissolved around 200–250 ◦C. Furthermore, η′, η, and T-phases could be developed
gradually around 250–400 ◦C [23]. Above 200 ◦C, the dissolution of GP and clusters
occurred with an endothermic peak, and then, η′ and η-phases were formed at the range of
250–300 ◦C. T-phases, which are stable phases, were formed after over-aging, at over 400 ◦C.
These precipitation processes occurred at similar temperature ranges for naturally aged
(NA) samples. At the initial stage, the peaks related to the formation of GP and clusters
were observed in the temperature range of 50–150 ◦C, marked as GP I and GP II in NA
(570 d). These thermal analyses indicate that solute clusters and the GP zone can still be
formed in NA (570 d) through aging treatment, and the growth of solute clusters and the
GP zone also occurred. Then, the GP zone decomposed at 200–230 ◦C. As seen in the DSC
curves in Figure 3, the area, which is related to the formation of the GP zone, decreased
according to the natural aging time increasing. The microstructure and compositional
condition of NA (2 d) samples were close to the as-quenched (AQ) state; therefore, a large
amount of solute clusters and GP zones can be formed. After that, η′-phases developed
around 250 ◦C. From the DSC data, the dominant precipitates in naturally aged samples
were composed of solute clusters, GP zones, and η′-phases. Especially, η′-phases might
exist in the long-term aged samples, such as NA (86 d) and NA (570 d). The strengthening
effect of those precipitates will be discussed.
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Figure 3. Thermal analysis of NA-treated Al–Mg–Zn alloy sheets using DSC with 10 ◦C/min heating rate.

The composition of the supersaturated solid solution in the matrix influences the
potency of the precipitates in the alloy. From the peak temperature data of DSC analysis,
the activation energy of each precipitate can be calculated using the Kissinger method in
order to provide a thorough examination of precipitation in the AA- and NA-treated alloy
sheets.

Figure 4 shows the raw data of DSC analysis at different heating rates (5, 10, 15, and
20 ◦C/min), and their scattered points of the peak temperature were plotted. The activation
energies of forming (e) GP zones, solute clusters, (f) η′-phases, and (g) η and T-phases in
AA (10 h), NA (570 d), and the O-temper sample were calculated using Kissinger’s method,
which is expressed as follows [24]:

ln
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p

)
=
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R
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1
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where α, Tp, Ea, R, and C represent the heating rate, peak temperature, activation energy,

gas constant, and constant number, respectively. The relationship between ln
(

α/ T2
p

)
and

1/Tp allowed for the evaluation of the activation energy using the slope of the linear plot.
As shown in Figure 4e,h, the activation energies of the GP and cluster formation for AA
(10 h), NA (570 d), and O-temper were 204.26, 74.15, and 53.27 kJ/mol, respectively. The
formation of the GP zone and solute clusters was more favorable in the O-temper state
than in aged Al–Mg–Zn alloy sheets. Moreover, naturally aged alloy has slightly higher
activation energy than O-temper alloy, so the formation peak of the GP zone appears in
the DSC data, as shown in Figure 3. Furthermore, it is difficult for AA (10 h) to form GP
zones and clusters because of their high formation energies. That result indicates that
artificially aged alloy (AA (10 h)) had formed the precipitates using solute atoms, so these
alloys include more developed precipitates than other samples. The activation energy for
the formation of the η′-phase is evaluated with the same method. As shown in Figure 4f,h,
O-tempered and NA (570 d) samples had a similar value of activation energy for the
formation of η′-phases. On the other hand, though the activation energy for forming
a precipitate decreased, AA (10 h) still had higher activation energy than other sam-
ples. The activation energies for forming T and η-phases have comparable values in the
AA (10 h), NA (570 d), and O-tempered samples. Notably, the formation of T and η-
phases in Al–Mg–Zn alloy sheets occurred in an over-aged state; hence, the initial aging
condition did not influence the final aging process. From the thermal analysis of AA
(10 h) and NA (570 d)-treated alloy sheets, we can predict the major strengthening precipi-
tates of each aged Al–Mg–Zn alloy sheet. GP zones and solute clusters are still formable in
the naturally aged samples; moreover, η′-phases can be formed in NA (570 d). However,
the precipitate of AA (10 h) is already formed as stable phases because the formation energy
for precipitates is higher than NA (570 d) and O-tempered alloy samples. As a result,
these different precipitates could induce different interactions with dislocations, which are
generated after plastic deformation; hence, the observation using TEM was conducted.
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Figure 4. DSC analysis of AA-, NA-treated, and O-tempered Al–Mg–Zn alloy sheets with (a) 5, (b)
10, (c) 15, and (d) 20 ◦C/min heating rate. ln(α/(Tp2)) is a function of (1000/Tp) of (e) GP and solute
clusters, (f) η′-phases, and (g) η and T-phases in AA-, NA-, and O-temper-treated Al–Mg–Zn alloys.
(h) Activation energy calculated by Kissinger’s method.

Figure 5 shows the HRTEM images of 10% deformed AA (10 h) obtained along the
(001) zone axis. As mentioned previously, AA (10 h) had a higher dislocation density
than NA (570 d). The dislocations generated during deformation tangled, as shown in
Figure 5a,c. However, the number of tangled dislocations decreased in the vicinity of
grain boundaries, as shown in Figure 5b. The glide of deformation-induced dislocations
is hindered by the precipitates in the matrix. As aforementioned in Figures 3 and 4, the
major strengthening precipitates of artificially aged Al–Mg–Zn alloy sheets are composed
with the η′ and η-phases, and these precipitates are observed with the HRTEM and its
corresponding IFFT images, as shown in Figure 5d,e. Moreover, in the FFT pattern, an

14



Materials 2024, 17, 4478

extra spot is detected from the selected area C except for the aluminum matrix. Hence, the
η′-phase with a semi-coherent interface and the η-phase with an incoherent interface are
detected by the IFFT images. Uniformly distributed precipitates with semi-coherent or
incoherent interfaces generally prevent the movement of dislocations; hence, dislocations
agglomerate with precipitates.

 
Figure 5. (a–d) HRTEM images and Fast Fourier Transform (FFT) patterns of AA (10 h) with Al
(001) zone axis after 10% tensile deformation. (e) The corresponding inverse FFT (IFFT) images of
area C with red line in the image (d). Yellow arrows indicate the dislocations, and red indicates the
precipitates as shown.

In contrast, NA (570 d) has fewer dislocations in the matrix, as shown in Figure 6a–c.
Different from AA (10 h), a few dislocations existed near the grain boundaries in NA
(570 d), as shown in Figure 6b. Furthermore, the number of tangled or agglomerated
dislocations is fewer than the AA (10 h) sample even though those two samples have the
same Vickers hardness level; hence, we can estimate that the strengthening precipitates
of NA and AA are different. As aforementioned in the thermal analysis, the NA (570 d)
sample can have solute clusters, GP zones, and η′-phases. The HRTEM images do not
show the distinct precipitate because of its relatively small size and unclear interface with a
matrix. Furthermore, the extra spots for precipitates are not defined from the FFT patterns
of the selected area, as shown in Figure 6a,c,d at the C area. Solute clusters and GP zones in
Al–Mg–Zn alloys have been detected by Zhuang et al. with HRTEM and corresponding
IFFT imaging methods [15]. Figure 6d also shows the small clusters in area C, and their
corresponding FFT pattern is consistent with the FFT results of the matrix in Figure 6a,c.
Furthermore, IFFT images indicate that these small particles have coherent interfaces with
the matrix; hence, they could be treated as a GP zone after natural aging. IFFT images
in Figure 6e also show the dislocations. The formation of an η′-phase is uncommon in
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the early stages of natural aging; however, the NA (570 d) sample experienced a long
time to form a η′-phase, and it is defined with the extra spots in the FFT pattern of area
D in Figure 6d [25]. The naturally aged NA (570 d) sample has a variety of precipitates
to strengthen the alloy; however, the artificially aged AA (10 h) sample is dominantly
composed of η′ and η-phases. As a result, the deformation behaviors via the movement of
dislocations are varied with the type of aging process because the movement of dislocation
during plastic deformation can be affected by precipitates.

 

Figure 6. (a–d) HRTEM images and FFT patterns of NA (570 d) and with Al (001) zone axis after 10%
tensile deformation. (e,f) The corresponding IFFT images of selected area in the image (d).

In terms of deformation, the precipitate distributions and dislocation densities were
significantly different near the grain boundaries. This is a well-known phenomenon—the
precipitate-free zone (PFZ)—developed by the interaction between the diffusion of solute
elements and the vacancies at the grain boundaries [26]. Studies on PFZ are beneficial
for understanding the effects of aging on the mechanical properties of alloy sheets. A
comparison of the microstructures of AA (10 h) and NA (570 d) revealed that the PFZ in
AA (10 h) was wider than that in NA (570 d), as shown in Figure 7. The thickness of PFZ is
closely related to the mechanical properties of alloys; hence, studies on PFZ are important
to understand the effects of precipitation-hardening processes on the mechanical properties
of alloy sheets [27–30].
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Figure 7. HRTEM images of (a) AA (10 h) and (b) NA (570 d) at the vicinity of grain boundaries.
(c) Annular bright field (ABF) images of NA (570 d) with STEM observations.

The PFZ thicknesses in AA (10 h) and NA (570 d) were approximately 42.7 and 13.7 nm,
respectively, as shown in Figure 7. AA (10 h) had a wider PFZ area with more distributed
precipitates than NA (570 d). Previous studies revealed that the formation of PFZ is affected
by the depletion of vacancy and solute atoms in the early and later stages of aging. The
width of PFZ is firstly decreased in the early stage of aging and then gradually increased
with aging time at 433 K [31]. Hence, the width of PFZ can be changed with the aging
condition and diffusion rate. Using plasticity simulations, Kdadyko et al. examined the
work hardening scenario in the PFZ area; the local strain was strongly correlated with
deformation when perfect PFZ plasticity was assumed [32,33]. Thus, AA (10 h) with a
larger PFZ area induced more local strains in the PFZ area owing to the absence of solute
elements and precipitation. On the other hand, the work hardening in the PFZ of NA (570 d)
showed similar behaviors to those of the bulk alloy samples, which was attributed to its
small PFZ area, as shown in Figure 7b,c. NA (570 d) had solute clusters and a GP zone as
the strengthening phases, which were difficult to observe in bright-field TEM images. For
these reasons, the annular bright field (ABF) STEM image can help define solute clusters
using the brightness contrast based on their atomic weight. The atomic weight of Zn is
higher than those of Al and Mg, and the uniformly distributed strengthening phases show
a darker contrast, as shown in Figure 7c.

Furthermore, the PFZ thickness can affect the localization of the plastic deformation.
It is commonly accepted that as the PFZ thickness increases, the restriction from the
surrounding grains diminishes, and the localization of plasticity increases. Therefore, the
mechanical properties of an aluminum alloy with a PFZ can be expressed by the following
equation [34]:

σ = σ0 + τc(
Dε

6b
)

1
2 × (1 +

λ

W0
) (2)

where σ, σ0, τc, D, ε, b, λ, and W0 stand for the stress, frictional stress, critical shear
stress for cross slip, average grain diameter, strain of sample, Burgers vector, interparticle
spacing, and width of PFZ, respectively. The total strain of the specimen is related to the
work hardening rate; thus, the hardening rate can be obtained in a differentiated form of
Equation (2):

dσ

dε
= aW−1

0 + b (3)

According to this equation, the hardening rate decreases as the thickness of the PFZ
increases. The hardening rate of AA (10 h) is lower than that of NA (570 d), as shown in
Figure 2c. Furthermore, an increase in PFZ thickness may stimulate the formation of grain
boundary precipitates and create voids, which is favorable for fracture propagation along
the grain boundaries.

The above observations on Al–Mg–Zn alloy sheets provide insights into designing
high-ductility and high-strength alloys with age-condition control. Zhang et al. [20] stud-
ied the positive effect of plastic deformation in naturally aged Al–Zn–Mg alloys using
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experimental and calculation methods. Solute clusters, formed after long-term NA, can
be dissolved at the initial deformation stage because they improve strain hardening abil-
ity. Future research should focus on investigating the correlation between precipitation
and deformation in these alloy types with the aim of engineering microstructures with
enhanced properties.

3.3. Anisotropy Analysis of Al–Mg–Zn Alloy Sheets after AA and NA

Enhanced strain hardening ability and elongation to fracture, associated with delay of
necking, could exhibit a reasonable strength and large uniform elongation; hence, NA with
a higher strain hardening rate (θ) value could accumulate a larger density of dislocation
in the alloy than AA. The characteristics according to the aging condition in mechanical
properties are investigated via EBSD methods after 10% tensile deformation. Plastically
deformed polycrystalline materials contain dislocations in their matrices, as shown in the
TEM images in Figures 5–7. Deformation-induced dislocations can be classified into geomet-
rically necessary dislocations (GNDs) and statistically stored dislocations (SSDs) [35–37].
Generally, GNDs’ density is related to microstructure characteristics, such as grain size and
texture. The density of the GNDs can be evaluated through EBSD misorientation, which is
expressed as follows [38]:

ρGNDs =
β × ϕ

b × Δx
(4)

where β is a constant determined by the type of dislocation boundaries, ϕ is the average
misorientation within a certain distance Δx, and b is the Burgers vector. With the increase
in GND density upon deformation, the kernel average misorientation (KAM) value, i.e.,
θ, also increases, as calculated using Equation (4) [39]. As aforementioned above in TEM
observations, GNDs are generated in the internal region of grains; however, it is hard
to visualize the distribution of GNDs. Consequently, the distribution of dislocation after
plastic deformation was evaluated using a KAM map. Figure 8a–d shows the inverse pole
figure EBSD images and KAM maps of AA (10 h) and NA (570 d) after 10% deformation.
The dislocation density can be evaluated from the intensity of KAM. The average KAM
values of AA (10 h) and NA (570 d) were calculated as approximately 1.78 and 1.25,
respectively, using the implemented source of the EBSD analysis program, as shown in
Figure 8g. Although the same amount of plastic deformation was applied to the samples,
AA (10 h) exhibited a higher dislocation density than NA (570 d). Red and blue arrows
indicate the internal and boundary of grains, respectively. In the white circle in the KAM
map of AA (10 h), a high density of dislocations is accumulated, as shown in Figure 8a,b.
Furthermore, dislocations are accumulated in the internal area of grains, marked as red and
blue arrows; hence, the grain boundaries were not revealed clearly. However, the density of
GNDs is lower in the NA (570 d) grains than in the AA (10 h) grains, as marked by the white
circle in Figure 8c,d. The average density of GND in NA (570 d) is lower than AA; moreover,
the partial region has a lower KAM value in the internal grain than the average value, as
shown with red and blue arrows in Figure 8c,d. The evaluation of EBSD results shows
the same dislocation evaluations as the TEM observations. Notably, the density of GNDs
in NA (570 d) was only slightly lower and can be more uniformly distributed in grains
than in AA (10 h) at the same strain level; hence, the NA could accumulate more GNDs,
contributing to higher elongation. Furthermore, the crystalline order of the plastically
deformed Al alloy developed in a favorable texture along the deformation direction. In
the rolled Al alloy sheets, Cube, Goss, and P textures developed initially after O-temper
treatment [40]. Furthermore, Cube, Goss, and P textures were formed as fibers when the Al
alloy was anisotropically deformed. As shown in Figure 8e,f, Cube, P, and rotated-copper
textures were mainly developed in the 10%-deformed AA (10 h) sample, whereas only
Cube textures were developed in the NA (570 d) sample.
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Figure 8. EBSD images and kernel average misorientation (KAM) map of (a,b) AA (10 h) and (c,d)
NA (570 d) after 10% deformation. The white circle indicates the difference in stress concentration.
Texture evaluation with (orientation distribution function) ODF for (e) AA (10 h) and (f) NA (570 d).
(g) Graph of the average KAM value of AA (10 h) and NA (570 d). And the red and blue arrows
indicate the internal and boundaries of grain.

Based on the above mechanical properties and precipitation analysis, aluminum alloy
can exhibit different deformation behaviors depending on the aging temperature. In
particular, the generation and accumulation of dislocations in plastic deformation appear
nonuniform; hence, the anisotropy in plastic deformation was measured by tensile tests
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along the three directions. Figure 9 shows the stress–strain curves obtained for AA (10 h)
and NA (570 d) at different angles to the rolling direction: 0◦ (RD), 45◦ (ID), and 90◦
(TD). The results for each sample showed that the YS and UTS of the NA samples were
comparable. However, the AA sample tested in the ID direction possessed higher strengths
than those tested in the RD and TD directions. The largest difference was observed between
the ID and RD. Furthermore, the elongation at break tended to increase in ID and TD
compared to RD. The R-value is defined as the ratio between the strain along the thickness
and width, suggesting that a lower R-value implies excessive deformation along the
thickness direction. As shown in Table 2, the R-value of the ID direction is always higher
than other directions; hence, the ID direction can exhibit the highest elongation value.
From the results above, though the yield strength of AA has a higher value than those of
the NA sample, NA shows better ductility and comparable strength than AA because of
the different strengths and elongations required for fracture along the directions [41]. To
estimate the anisotropic deformation, the anisotropic coefficient (R) for the AA (10 h) and
NA (570 d) samples are listed in Table 2 according to the tensile test direction and following
this equation [42]:

R − value =
Δw
wi
Δt
ti

(5)

where Δw and Δt stand for the change of width and thickness after tensile test. wi and
ti stand for the initial width and thickness of tensile specimen (ASTM E8). It should be
stressed that the anisotropic coefficient, R-value, for an isotropic material is 1; R > 1, which
means that the material is resistant to thinning, while R < 1 implies that the material will
be reduced more in thickness than in width [42]. The R-value of NA (570 d) has a higher
value than the AA (10 h) sample. Notably, AA sheets exhibit significant anisotropy in
strength and plasticity compared to NA sheets. These results indicate that the precipitates
in Al–Mg–Zn alloy sheets exhibit anisotropy during deformation, depending on the type
of precipitates.

Figure 9. Stress–strain curves of (a) AA (10 h) and (b) NA (570 d) measured at different angles to the
rolling direction (0◦, 45◦, and 90◦).

Table 2. Anisotropic coefficient (R) for AA (10 h) and NA (570 d) according to the tensile test direction.

Aging Condition Direction Anisotropic Coefficient (R)

AA (10 h)
0◦ 0.602
45◦ 0.672
90◦ 0.619

NA (570 d)
0◦ 0.778
45◦ 0.828
90◦ 0.698
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4. Conclusions

This study discovered that NA-treated Al–Zn–Mg alloys exhibited better ductility
than AA-treated alloys; despite the same strength level, NA-treated samples exhibited
about 10% longer elongation at break than their AA-treated counterparts. The capability
of dislocation accumulation in the grain interior of the NA samples resulted in a higher
strain-hardening rate and, consequently, higher ductility. After deformation at the same
stress level, the densities of the GNDs in AA (10 h) and NA (570 d) were only marginally
different. Furthermore, NA (570 d) is more favorable to deformation because of a higher
anisotropic coefficient than AA (10 h), which contributed to the uniform elongation.

(1) During the aging process, the Vickers hardness of Al–Mg–Zn alloy sheets was in-
creased regardless of aging conditions. In the uniaxial tensile test, however, artificially
aged sheets exhibited about 15% elongation to fracture, whereas naturally aged sheets
showed about 25% elongation to fracture property.

(2) The analysis of precipitates in AA (10 h) and NA (570 d) samples was performed
using the DSC, and their activation energy to form the precipitates were calculated
with the Kissinger method. The AA (10 h) sample dominantly had η′ and η-phases as
strengthening precipitates; however, NA (570 d) samples had solute cluster, GP, and
η′-phases.

(3) TEM observation indicated that the densities of the GNDs in NA (570 d) were lower
than AA (10 h); however, they were distributed more uniformly both internal and
boundaries of grains. Furthermore, PFZ width varied depending on the aging condi-
tions; hence, NA-treated alloy had a narrower PFZ width than AA-treated alloy.

(4) The NA-treated sheets exhibited notable anisotropy in strength and plasticity with a
higher average R-value than their AA-treated counterparts.
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Abstract: The dynamically developing field of implantology requires researchers to search
for new materials and solutions. In this study, TiNbZr samples were investigated as
an alternative for popular, but potentially hazardous TiAl6V4. Samples were etched,
sandblasted, subjected to PEO, and covered in AgNP suspension. Simultaneously, SEM
images were taken, and the wettability and roughness of the surface were measured.
Samples covered in AgNPs were subjected to biological trials. A six-day measurement of
human fibroblast proliferation was conducted to assess biocompatibility, and the population
of E. coli and S. aureus was measured over eight hours. Results showed that the TiNbZr
PEO surface is biocompatible with human fibroblast cells and promotes growth. However,
deposited AgNPs exhibited only slight effectiveness in decreasing bacterial growth over the
first two hours. The results suggest that the method of surface preparation is sufficient and
might promote osseointegration. On the other hand, more efficient and reliable methods of
application of AgNPs should be researched

Keywords: titanium alloy; silver nanoparticles; implant; surface treatment

1. Introduction

The medical industry values titanium and its alloys for their biocompatibility, strength,
corrosion resistance, and ability to form a protective TiO2 oxide layer on an implant. These
qualities make titanium implants suitable for use in almost all fields of surgery, ranging
from dentistry and plastics to trauma and cardiothoracic interventions. Titanium alloys’
Young modulus resembles that of a bone, which makes it an excellent bone replacement
material. Many titanium alloys are known for clinical applications, but one of the most
commonly used is Ti6Al4V. It exhibits exceptional mechanical strength and high similarity
in compression and tension to bones [1,2]. However, it has been demonstrated that the
impact of the components of this alloy is unfavorable to human health. Vanadium ions
exhibit cytotoxic effects and possibly cause type IV allergies [3,4], and aluminum ions
presence might cause bone mineralization issues and were linked to the development
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of Alzheimer’s disease [4,5]. To research alternatives, the Ti13Nb13Zr alloy was chosen
as the investigated material in this study. Studies show that niobium does not exhibit
cytotoxic effects on human cells [6]. Its alloys with titanium increase the proliferation
of osteoblast cells and exhibit superior cellular response of preosteoclasts compared to
vanadium alloys with titanium [7,8]. Zirconium is a well-researched biocompatible metal
often used in dentistry as zirconia (zirconium(IV) oxide ZrO2 [9–11]). H. Michelle Grandin’s
study shows that binary titanium–zirconium alloys achieve greater osseointegration and
biocompatibility compared to pure titanium [12]. The alloy itself was shown to promote
the adhesion of human mesenchymal stem cells (MSCs) to the implant surface rather than
Ti6Al4V [13].

One of the challenges in implantology is preventing bacterial infections at the im-
plant site. It has been proven that after the successful implantation, the surface of the
implant may be covered in a thin, bacterial film, potentially causing infections or inhibiting
osseointegration of the implant [14–17]. Those biofilms are proven to be highly resis-
tant to antibiotics [18] and are responsible for in situ infections and also bloodstream
infections [19–22]. The resistance to conventional antibiotics has led to extensive research
on new methods of preventing the formation of these biofilms. One promising approach is
coating implants with bacteriostatic or bactericidal coatings. Essentially, such coatings can
be divided into three types—anti-adhesive, contact-killing, and releasing types [23].

Anti-adhesive coatings prevent bacteria from adhering and covering the surface of
medical devices with bacterial biofilm [24]. Attachment of the macromolecules to the
surface of the implant allows them to alter their physical properties [25–30], and effec-
tively change conditions of the surface of the implant to be hostile toward the bacteria. In
essence, those coatings can be described as hydrophilic and hydrophobic. Hydrophilic
anti-adhesive coatings prevent bacterial growth by inhibiting bacterial cell adhesion [31],
as bacterial cell walls are lipid-based structures that are hydrophobic. Therefore, they
are physically repelled by hydrated surfaces. Some commonly used hydrophilic coatings
are hyaluronic acid (HA) [32], sodium alginate [33], PEG and its derivatives [34,35], and
polyhydroxypropyl methacrylate (PHPMA) [36] to name just a few. However, their mecha-
nism of action was proven to prevent bone cells from migrating and attaching to implants
for exactly those same reasons [37] that repel bacteria. On the other hand, hydrophobic
surfaces rely on a self-cleaning mechanism, as body fluids wash their surface thoroughly,
rinsing off any bacteria attached. Some of the polymers used as hydrophobic antiadhesive
coatings are polydimethylsiloxane [38] and fluorinated polymers [39–41]. Also, diamond
functional [42] and super anti-wetting nano coatings [43] were developed.

Releasing-type and contact bactericidal coatings are similar in some sense, and
they often require special surface preparation to immobilize active particles on the im-
plant. Contact bactericidal coatings contain natural or synthetic particles that are phys-
ically or chemically attracted to the surface of the implant. Those particles directly at-
tack the cell membranes of bacteria, not only preventing their adhesion but also killing
them [44–47]. Often used antibacterial particles include chitosan [48,49], antimicrobial pep-
tides (AMPSs) [47,50,51], quaternary ammonium compounds (QACs) [52,53], and inorganic
bactericidal nanoparticles [54].

Releasing-type antibacterial coatings essentially work as sponges. Antibiotics, anti-
inflammatory or antibacterial drugs, or bactericidal molecules are immobilized in highly
developed coatings that release them via diffusion, dissolution, or degradation of certain
molecules. The coating itself is a carrier that releases particles on the implantation site,
preferably on the first day after surgery, as they are most critical in terms of the formation
of bacterial biofilm [55–58]. Widely used coatings consist of polymers [59,60] and inorganic
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and organic cements [61]. Also, ceramic layers of oxidized metallic material can introduce
desired particles to the surface of the implant. Plasma electrolytic oxidation (PEO) is a
promising method of surface development. Not only have PEO coatings been described to
increase corrosion resistance and hardness of the implant, but they also increase biocom-
patibility and promote osseointegration [62–66]. Such coatings are highly porous, allowing
drugs to migrate out over a fixed amount of time, which is characteristic of the structure of
the surface. Therefore, PEO is a simple, yet effective way of preparing implant surfaces,
as only one treatment increases bone-implant integration and stability, and it also forms a
releasing-type coating. It is possible to introduce antibiotics into those pores [67]; however,
such infusion comes with a risk of antibiotic-resistant bacteria development around the
implantation site [68,69]. Among various alternative options, metallic ions are a simple
and effective source of active particles in releasing-type coatings. They are thermally physi-
cally and chemically resistant, and no known bacterial resistance mechanism has been yet
discovered. Various ion sources were extensively researched. However, one of the most
prominent ones is silver nanoparticles (AgNP). Their incorporation into the coating may
effectively inhibit the growth of both Gram-negative Escherichia coli and Gram-positive
Staphylococcus aureus, reducing the risk of implant-associated infections [70,71]. Moreover,
the use of silver nanoparticles as a coating material offers a very significant advantage over
preventive antibiotic therapy after surgery or using implants with immobilized antibiotics
and antibacterial drugs on the surface. Silver nanoparticles have been proven to exhibit
strong antimicrobial activity against a broad spectrum of bacteria, fungi, and viruses. Sec-
ond, they have a low tendency to develop resistance, making them effective in the long
term [71]. However, it is worth noting that AgNPs are proven to be cytotoxic and are
potentially allergenic [72,73]. For the sake of safety, the amount of AgNPs on the implant
surface has to be enough to exhibit the bactericidal effects without showing cytotoxicity.
In this study, samples of Ti13Nb13Zr were polished, sandblasted, etched in oxalic acid,
oxidized in phosphoric acid via plasma electrolytic oxidation, and then coated with silver
nanoparticles using silver nanoparticle suspension. A combination of all these surface treat-
ment techniques is in our opinion novel in the literature. Surface images were taken using
SEM imaging, roughness and wettability of samples were measured and biological tests
were performed to measure the possible cytotoxic effect of the formed silver nanocoating.

2. Materials and Methods

2.1. Preparation of the Samples

In this study, Ti13Nb13Zr alloy samples in the form of 10 mm diameter and 4 mm
height disks were used. The preparation process involved polishing each disc with abrasive
SiC paper of 320 and 800 grit size. Subsequently, they were sandblasted using Al2O3 with
an 80-grit size until a uniform and matte surface finish was achieved. Following this, the
samples underwent rinsing in distilled water and degreasing in a mixture of distilled water
with detergent and isopropanol for three minutes each using an ultrasonic bath.

2.2. Processing the Samples

The samples were etched using a solution consisting of 10% (w/w) oxalic acid in
distilled water at a temperature of 100 ◦C in a water bath for 70 min. Following the
etching process, the samples were rinsed in distilled water for 3 min. Subsequently, plasma
electrolytic oxidation was carried out in a controlled-temperature electrolyzer with a 1 M
H3PO4 solution at 10 ◦C. The PEO process was performed in two stages using a DC power
supply (Kiksui, Sapporo, Japan). First, the process occurred under galvanostatic conditions
of current density (100 mA/cm2) at a limiting voltage (250, 275, 300, 325 V). After the
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limiting potential was reached, the process continued under potentiostatic conditions of
the limiting voltage. The voltage of the PEO process for the further investigated samples
was determined by analysis of SEM images (Phenom Pro-X, 15 kV) of samples processed at
voltages of 250, 275, 300, and 325 V. Based on this analysis, it was determined that further
investigations would be carried out under constant voltage of 250 V. The PEO of these
samples was performed as mentioned above, with 100 mA/cm2 current density in the
galvanostatic part, and at 250 V at the potentiostatic part. Finally, after completion of the
PEO treatment, distilled water was used to rinse the disks, and they were left to dry.

Silver nanoparticles solution (3 g/L suspended in PVP—Polyvinylpyrrolidone)
(NanoWave, Warsaw, Poland) was used to prepare the solutions (0.5, 0.25, and 0.125 g/L)
by diluting it with distilled water. Prepared, oxidized, and dried samples were divided into
three groups. Then, 20 μL of solutions of the silver nanoparticles were applied accordingly
on the samples using the automatic pipette and then were left to dry. The samples labels
were shown in Table 1.

Table 1. Explanation of labeling of samples and treatments that have been conducted.

Label Polished Sandblasted Acid-Etched PEO
Silver Suspension [g/L]

0.125 0.25 0.5

G ×
GS × ×

GSE × × ×
GSE-A × × × ×

GSEA Ag 0.125 × × × × ×
GSEA Ag 0.25 × × × × ×
GSEA Ag 0.25 × × × × ×

2.3. Surface Characteristics

The samples were investigated using the Phenom Pro-X with an applied voltage of
15 kV. SEM images were taken, and 3D images were generated for the polished, sandblasted,
etched, oxidized, and treated with AgNP suspension samples. The sample’s average
arithmetical roughness of a surface (Sa) was measured using the Phenom Pro-X (λs: 200 nm,
λc: 198.61 μm). Also, the EDX analysis of the atomic composition of the investigated
samples was conducted. Furthermore, the wettability of the samples was determined using
a goniometer (DataPhysics, OCA 15EC, Filderstadt, Germany) by measuring contact angle
(CA). Then, 0.5 μL of water was dropped on the samples, and the CA between the disk
surface and a water droplet was measured. Each sample’s CA was measured five times
from the left and right sides of the water droplet, and the mean value of those measurements
was calculated. Also, standard deviations of the measured CAs were obtained.

2.4. Biocompatibility and Biological Tests

Biocompatibility test of the samples was performed on human dermal fibroblasts
(HDF) (Pharmacy program research group, Medical Faculty of the Latvian University)
with the 7th passage (P7). The Institute of Experimental and Clinical Medicine Ethics
Committee, University of Latvia, approved the use of primary cells from frozen primary
cell stock-No. 71-35/17. The materials were sterilized by autoclaving for 15 min at a
pressure of 102.6 kPa and a temperature of 121 ◦C. Dermal fibroblasts were thawed and
cultured according to the Sigma-Aldrich protocol [74]. Cells were seeded onto culture
flasks at a density of 5000 cells/cm2 under standard conditions of 37 ◦C, 5% CO2, with
medium changes every 2–3 days. The cell culture medium containing Dulbecco’s modified
Eagle’s medium/nutrient mixture F-12 (DMEM/F-12 3:1 v/v), L-glutamine, antibiotics

27



Materials 2025, 18, 349

(penicillin, streptomycin, and amphotericin B), and 10% fetal bovine serum. All cell culture
reagents were purchased from Sigma-Aldrich, St. Louis, MO, USA. The sterilized samples
were placed in a 24-well plate and cells were seeded on the surface of samples at a density
of 10,000 cells/cm2. As a positive control, we used wells with cells without samples, and as
a negative control, we used wells with medium without cells and samples. The Alamar
blue assay was utilized to evaluate cell adhesion and growth. After 24 h, this colorimetric
test measured cell adhesion. It also assessed cell proliferation on days 4 and 6. An amount,
accounting for 10% of the entire volume, of Alamar blue (procured from Sigma-Aldrich,
St. Louis, MO, USA) was added to each well, including the negative and positive control
wells. The plates were then incubated for 8 h at 37 ◦C. Absorbance readings were taken
at 570 and 600 nm wavelengths using a Tecan Infinite M200 Pro microplate reader (from
Tecan Trading AG, Männedorf, Switzerland). Cell quantification occurred at intervals of 1,
4, and 6 days. Triplicate samples were prepared for each condition.

After six days of cultivation, the samples underwent a two-step washing process with
PBS, then fixation for 10 min using a 3.5% formaldehyde solution from Sigma-Aldrich.
Post-fixation, the cells were permeabilized to enhance staining results via a solution of
1% BSA and 0.1% Triton X-100, diluted in PBS. The cell cytoskeleton was stained with
ActinRed 555 from Thermo Scientific, Waltham, MA, USA, while the dermal fibroblasts’
nuclei were stained using Hoechst 33342, also from Thermo Scientific, Waltham, MA, USA,
diluted 1:1000. Subsequently, all samples underwent analysis utilizing a Nikon Eclipse TI
Fluorescence Microscope, Tokyo, Japan, in the DAPI and TRITC channels.

Staphylococcus aureus (S. aureus, ATCC 25923) and Escherichia coli (E. coli, ATCC 25922)
underwent 24 h cultivation on nutrient agar. Following this, overnight culture suspensions
were blended with nutrient broth medium, adjusting the microorganism in the initial
concentration of bacterial cells 1 × 106 CFU/mL (colony-forming units per milliliter).

The Ti13Nb13Zr alloy samples, including those untreated, treated with the PEO
process, and coated with AgNPs at concentrations of 0.125, 0.25, and 0.50 g/L, were
submerged in a bacterial suspension. They were then horizontally incubated with 2.0 mL
of the bacterial suspension in static conditions in a 24-well plate at 37 ◦C for 2, 4, 6, and 8 h.
Subsequently, the disks underwent three washes with sterile sodium chloride solution to
eliminate non-adherent cells. An ultrasonic bath (EMAG Ultrasonic cleaner Emmi-20 HC,
EMAG AG, Mörfelden-Walldorf, Germany) was then used to sonicate the samples in tubes
containing 1.0 mL of sterile saline solution for 1 min to remove bacteria adhered to the
specimen surfaces. Following this step, 10 μL aliquots of saline solution were inoculated
onto nutrient agar plates using the streak plate technique to quantify the bacterial count
after 24 h of incubation at 37 ◦C.

3. Results

The following samples—G, GS, GSE, and GSE-A (250 V)—were investigated under an
SEM microscope, and corresponding images of their surfaces were collected in Figure 1. In
the G, GS, and GSE samples, abrasive grains remaining from the grinding and sandblasting
processes are visible. GSE exhibits the propagation of the surface profile of the developed
GS. The atrophy of grinding marks and the development of the surface in the GS samples
are also evident in the GSE. The 250 V PEO-treated sample (GSE-A) surface exhibits a
similar height profile and 3D structure to GSE, however, after the oxidation, the surface has
been covered in regular, oval-shaped pits (Figure 1).

SEM images of the PEO-treated samples were taken, analyzed, and collected as in
Figure 2. From these images, there is a visible trend, whereby with the increase in voltage,
the size of obtained pores in the ceramic, oxide layer increases. As the voltage increases,
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more uniformly structured surfaces are being formed. The extent of the arrangement of the
chaotic pores increases with the increase in voltage—for samples treated with 275 V, it is
visible that small pores formed on the uniform surface are arranged in an array following
grinding marks from the polishing step. A vague geometric pattern was found for samples
oxidized in 300 V. The surface of the sample oxidized with 325 V had no geometric pattern of
the pit formation and the size of the pores was the greatest of all investigated samples. The
surface topography of samples anodized in 250 V was found to propagate the imperfections
and random defects caused by the sandblasting process; therefore, it was concluded that
this voltage would be applied to the rest of the samples.

Figure 1. SEM images with corresponding 3D generated images of (A)—G sample; (B)—GS sample;
(C)—GSE sample; (D)—GSE-A sample. Blue arrows point on the spots with the abrasive SiC material
stuck on the surface of samples. The magnification of images is ×2000.

 

Figure 2. SEM images of the PEO-treated samples in 1M H3PO4: (A)—250 V; (B)—275 V; (C)—300 V;
and (D)—325 V. The magnification of images is ×2000.
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Samples treated with a suspension of nanoparticles visually differ from the GSE-A
sample (Figure 3). Visible small pores at the lowest points of the PEO sample disappear with
the increasing concentration of the silver suspension. The quantity of silver nanoparticles
and larger conglomerates visible on the surface of the samples increases with the increase
in the concentration of silver nanoparticles. In the sample treated with a 0.5 g/L solution,
complete sealing of the lowest localized pores of the coating is observed, which probably
cracked during the sample drying process. In all samples, the pores of the structures visibly
decrease in depth and size with the increasing concentration of the suspension, suggesting
that more silver is deposited on the ceramic coating of the alloy.

Figure 3. SEM images and according to 3D images of samples, where (A)—GSE-A sample with blue
arrow showing cracked surface of the sample; (B)—TnZ GSEA Ag 0.125 sample; (C)—TnZ GSEA
Ag 0.25; and (D)—TnZ GSEA Ag 0.5 sample. Blue arrows are pointing to the visible AgNP on (B–D).

Surface roughness measurements show that sandblasting greatly increases surface
roughness compared to polished samples. According to data collected in Table 2, etching
in oxalic acid did not affect the roughness of the surface significantly. However, PEO
treatment in 1 M H3PO4 in 250 V increased the arithmetical mean value by 1.30 μm. The
deposition of AgNPs on the surface of GSE-A did not affect surface roughness significantly.

Table 2. EDX analysis—average weight percentage composition [w/w%] of investigated samples and
their standard deviations.

0.5 0.25 0.125 PEO

Element
Symbol

%Weight (Stand. Deviation) [w/w%]

O 46.59 (2.54) 49.48 (4.23) 43.93 (2.24) 51.96 (1.92)
Ti 22.67 (1.26) 21.99 (2.42) 29.02 (5.62) 22.58 (2.53)

Nb 2.54 (0.34) 3.13 (0.54) 2.48 (0.12) 3.82 (0.68)
Zr 10.45 (0.92) 11.29 (1.45) 12.85 (1.12) 14.12 (2.55)
P 6.74 (1.02) 6.26 (0.74) 7.68 (1.23) 7.52 (0.41)

Ag 11.01 (1.67) 7.85 (1.21) 4.04 (0.22)

The energy-dispersive X-ray spectroscopy (EDX) provided a qualitative analysis of
elements present on the surface of the investigated samples. Obtained EDX spectra were
gathered in Figure 4 below. Nanocoated samples treated with silver suspension had silver
atoms detected, in addition to the elemental components of the alloy and the elements
incorporated in the oxide layer. Data presented in Table 2 show that with the increase
in AgNP concentration in the suspension, the amount of silver deposited on the surface
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increases. All the samples contain incorporated phosphorus and high oxygen content due
to the PEO process.

 

Figure 4. EDX analysis graphs of the samples where (A)—GSEA-0.5Ag sample; (B)—GSEA-0.25 Ag
sample; (C)—GSEA-0.125 Ag sample; and (D)—GSE-A sample.

Results presented in Table 3 show that the polished surface exhibits the highest
hydrophilicity having the smallest contact angle. Water droplets spread on its surface
almost instantly. The sandblasted surface exhibits the most hydrophobic properties since
the obtained contact angle for it is the highest. Acid etching decreased the value of contact
angle, possibly by smoothing the surface and increasing the size of cavities and pores,
allowing water to flow into them. The PEO surface shows an increase in the contact angle.
There is no clear dependence between the CA value and the concentration of the silver
nanoparticle suspension used. The surface with a silver concentration of 0.5 g/L exhibits
the highest hydrophobicity among the nanocoated samples, while the surface with a silver
content of 0.125 g/L shows the lowest.

Table 3. Average contact angle and roughness of the surface of the samples.

Label of Sample Average Contact Angle [◦] Sa [μm]

G 26.3 ± 6.9 1.87 ± 0.13
GS 93.4 ± 3.7 3.18 ± 0.21

GSE 41.2 ± 4.1 3.31 ± 0.26
GSE-A 55.2 ± 2.2 4.61 ± 0.19

TnZ GSEA Ag 0.125 34.4 ± 3.0 4.51 ± 0.54
TnZ GSEA Ag 0.25 46.6 ± 4.9 4.51 ± 0.23
TnZ GSEA Ag 0.5 30.9 ± 3.3 4.39 ± 0.18

The data presented in Figure 5 indicate that the application of orthophosphoric acid to
plasma-electrolyte-treated Ti13Nb13Zr alloy does not influence implant biocompatibility.
At the same time, the novel coating did not influence fibroblast proliferation compared to
the untreated surface. However, the addition of AgNPs at varying concentrations slightly
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influences biocompatibility, as compared to the untreated control samples. Notably, the
lowest observed cytotoxicity correlates with the minimal AgNP concentration of 0.125 g/L.
After a four-day incubation period, there was no significant difference in adhesion and
proliferation among all sample groups.

Figure 5. Resazurin reduction assay data on human dermal fibroblast proliferation during the 6-day
experiment on different TnZ samples.

Furthermore, upon a six-day incubation of the cells on the Ti13Nb13Zr alloy sam-
ples, fluorescence microscopy was employed to examine cell morphology. Here, the
filamentous actin was highlighted with Rhodamine Phalloidin, emitting a red fluores-
cence, while the nuclei were counterstained with Hoechst, emitting a blue fluorescence, as
showcased in Figure 6. The resulting images reveal an elongated cytoskeleton structure in
the human dermal fibroblasts with oval-shaped nuclei, indicating typical morphology. A
uniform distribution of fibroblasts was observed across both the control and nanoparticle-
modified samples, suggesting that the surface modifications did not adversely affect the
fibroblast distribution.

 

Figure 6. Fluorescent images of nuclei (blue) and cytoskeleton staining (red) on the 6th day of
dermal fibroblasts on the samples, where (A)—TnZ G-S-E, (B)—TnZ G-S-E-A, (C)—TnZ G-S-E Ag
0.125 μg/mL, (D)—TnZ G-S-E-A Ag 0.25 μg/mL, (E)—TnZ G-S-E-A Ag 0.5 μg/mL. The magni-
fication of the main images is ×100 (scale bar = 100 μm), and on the insets ×400 (scale bar = 50
μm).
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The initial seeded concentration of 106 CFU/mL was used. There was a slight reduc-
tion in the E. coli population within the first 2–4 h of incubation, with a 2.9–4 Log10 CFU/mL
decrease for samples containing 0.25 g/dm3 and 0.50 g/dm3. However, after 4–8 h of
incubation, there was a concerning increase in the E. coli population, reaching up to
8 Log10 CFU/mL. This suggests that the AgNPs might lose effectiveness over time due
to detachment from the alloy surface, reducing their availability to interact with bacteria
(Figure 7).

Figure 7. Time-dependent antibacterial effects on E. coli and S. aureus bacterial strain.

The same effect was observed in the case of S. aureus (Figure 7).

4. Discussion

The presented research indicates that the proposed method of dropwise application of
an AgNP suspension may prove to be a useful method of achieving bactericidal releasing-
type coatings on the surfaces of PEO-H3PO4 implants. The acid-etched sample surfaces are
similar in terms of topography, roughness, and wettability to the SLA surfaces of the tita-
nium implants, which are proven to promote osseointegration and speed up the recovery
period. It is clear that sandblasting and etching in oxalic acid developed and increased the
surface area of samples. Scanning electron microscope images provide evidence that an
AgNP suspension deposits onto the sample surface, as also supported by atomic composi-
tion studies using the EDX method. The conducted experiments demonstrate that plasma
electrolytic oxidation is an effective tool for both preparing the sample surface through
additional cleaning from abrasive materials and residues from etching and enabling the
deposition of silver nanoparticles into the created pores. Plasma electrolytic oxidation of
titanium and its alloys in acidic conditions forms a biocompatible layer of anatase, which is
an α phase of titanium oxide. SEM images show that increasing the concentration of silver
in the suspension increases the amount deposited on the sample surfaces. However, the
use of a suspension with a concentration of 0.5 g/L resulted in flooding the lower layers of
the surface and covering the pores. Contact angle analysis provides information about the
wettability of samples, which is higher for samples with silver nanocoating compared to
the PEO sample. Achieved coatings may be described as hydrophilic, and may have similar
properties to anti-adhesive self-assembling polymer coatings in terms of bacteriostatic
properties. Most hydrophobic properties were observed for samples just sandblasted and
acid-etched, where PEO treatment effectively decreased the contact angle, indicating an
increase in hydrophilicity.

Several studies demonstrated the antibacterial, anti-adhesive effects of nanosilver-
doped titanium implants [75–77]. The mechanism of silver nanoparticle action involves
the release of ions, leading to degradation of the peptidoglycan component of the cell
wall, inhibition of protein synthesis, and interaction with DNA, ultimately resulting in
bacterial cell death [78]. In our previous research, applied AgNPs exhibited a variable
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degree of effectiveness in disrupting the biofilms of all tested Gram-negative microbes,
including A. baumannii, P. aeruginosa, K. pneumonia, and Enterobacter spp. [79]. Incorporating
AgNPs into the PEO coating led to the release of silver during immersion tests, enhancing
antibacterial properties and exhibiting activity against S. aureus through continuous Ag+
ion release [80]. It has been demonstrated that AgNPs incorporated into PEO coatings can
decrease S. aureus bacterial cell amounts on the surfaces of Ti alloys at the 2 h and 4 h time
points of the test [81]. However, Gram-positive bacteria tend to be more resistant to AgNPs
due to differences in cell wall structure [82].

5. Summary

This study shows that PEO-treated Ti13Nb13Zr alloy offers a high degree of biocom-
patibility with human fibroblast cells. The surface treatment consisting of sandblasting,
etching, and plasma electrolytic oxidation formed an oxide, ceramic layer that promotes
the growth of human cells. On the other hand, the results suggest that while AgNPs exhibit
promising initial bactericidal effects against E. coli and S. aureus, they may not be sustain-
able in the long term. Otherwise, dose-dependent efficacy was not admitted in applied
concentrations of nanoparticles. In conclusion, our study underscores the necessity for
additional research aimed at determining the optimal concentration of silver nanoparticles
for the Plasma Electrolytic Oxidation (PEO) treatment of metal alloys. By refining this
parameter, we can potentially enhance the efficacy and performance of PEO treatments,
paving the way for improved antibacterial surface properties.
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Abstract: This study investigated the effect of pre-deformation on the corrosion fatigue
crack propagation (CFCG) of Al-Mg-Zn alloy in a corrosive environment. Tensile tests at
different pre-deformation levels and molecular dynamics simulations analyzed changes in
dislocation density. Corrosion fatigue experiments were conducted in a 3.5% NaCl solution
at room temperature, and crack propagation morphology was characterized using electron
backscatter diffraction (EBSD), scanning electron microscopy (SEM), and transmission
electron microscopy (TEM). The results showed that tensile strength increased by 2.63%
and 10.00% for 5% and 10% pre-deformation, respectively. The crack propagation threshold
values were L2 (6.36 MPa·m1/2) > L0 (6.05 MPa·m1/2) > L1 (5.13 MPa·m1/2), attributed to
increased dislocation density and material strength. At 5% pre-deformation, dislocation
pile-ups created stress concentrations that facilitated crack propagation. In contrast, the
non-uniform dislocation distribution at 10% pre-deformation enhanced both material
strength and resistance to crack growth.

Keywords: Al-Mg-Zn alloy; pre-deformation; corrosion fatigue; cracking path; dislocation
density

1. Introduction

Al-Mg-Zn alloy is widely used in high-speed trains for its high strength-to-density
ratio and good fatigue resistance. It is 35% lighter than traditional materials like stain-
less steel and weathering steel, allowing for increased load capacity and reduced energy
consumption under the same traction conditions [1–3]. A dense oxide layer is readily
formed on the surface of the alloy, which prevents oxidative corrosion. Youhong Peng et al.
revealed the characteristics of sustained load crack growth in Al-Zn-Mg-Cu aluminum
alloys in a saline environment [4]. Melika Jalali et al. studied how ARB (Accumulated Roll
Bonding) as a severe plastic deformation technique alters the microstructure and corrosion
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resistance of this alloy. The results indicated that, due to the higher dislocation density,
an increased number of ARB cycles initially leads to a decrease in corrosion resistance [5].
Fatigue refers to the fracture phenomenon caused by an accumulation of pre-deformation
in metals and their structural parts under the action of long-term loads. The damage
caused by fatigue fracture accounts for more than 80% of total operation failures. Lingjian
Meng et al. found that flaky α fracture releases a greater local stress concentration during
low-temperature pre-stretching, thereby maintaining the high work hardening capacity
of the alloy [6]. The corrosion fatigue of metallic materials is a form of corrosion–plastic
failure under the influence of alternating loads and corrosive environments. This involves
a process of mutual promotion of corrosion and fatigue damage [7–11]. The operating
conditions of high-speed trains necessitate exposure to complex and diverse conditions,
such as humidity, marine atmospheres, and industrial pollution environments. Corrosive
media such as Cl− and NO3

− in a humid environment will affect aluminum alloy materials
and aluminum alloys, notably welded joints, which can experience corrosion damage.
In addition, the aluminum alloy body of high-speed trains and the associated welded
structural parts are subject to a constant load and alternating cyclic loads over extended
periods. Therefore, the service reliability of the aluminum alloy body and the welded
structural parts is a critical guarantee for the safe operation of high-speed trains [12–14].

During actual operation, the cover plate made of Al-Mg-Zn alloy in key components
of high-speed trains is responsible for withstanding both the cyclic load and the dead
weight of the corbel. Consequently, the Al-Mg-Zn Alloy cover plate will exhibit a certain
degree of pre-deformation during operation and service. Pre-deformation has a significant
impact on the crack propagation behavior of aluminum alloys. Through pre-deformation,
the grain structure of aluminum alloys can be refined, and the degree of bending and
twisting of grain boundaries increases, thereby enhancing the material’s strength and
toughness and inhibiting crack propagation. At the same time, pre-deformation also alters
the residual stress distribution of aluminum alloys. If pre-deformation introduces stress
concentration areas, it may accelerate crack propagation. Additionally, pre-deformation
increases the dislocation density of aluminum alloys. A moderate dislocation density
can enhance the material’s strength and toughness [15], suppressing crack propagation,
but excessive dislocation density may lead to easier crack propagation. Therefore, in the
design and application of aluminum alloy materials, it is necessary to comprehensively
consider the influence of pre-deformation on crack propagation behavior to improve the
material’s resistance to crack propagation, However, there is still insufficient research on
the fatigue behavior and corrosion effects of aluminum–magnesium–zinc alloys under
pre-deformation conditions, especially regarding the long-term durability of aluminum
alloys in high-humidity environments and marine climates, where relevant literature is
scarce. Therefore, this study aims to fill this research gap by systematically analyzing
the impact of pre-deformation on the fatigue and corrosion performance of aluminum
alloys, providing a theoretical foundation for the optimization design and application of
aluminum alloy materials in future high-speed trains.

This study aims to investigate the corrosion fatigue crack propagation (CFCG) be-
havior of Al-Mg-Zn alloy aluminum alloys under different levels of pre-deformation.
Microscopic analysis of the aluminum alloy’s microstructure, residual stress, crack ori-
entation, and fracture morphology was conducted using optical microscopy, electron
backscatter diffraction (EBSD), scanning electron microscopy (SEM), and transmission
electron microscopy (TEM). Furthermore, molecular dynamics simulation methods were
employed to explore the changes in dislocation density resulting from different levels of
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pre-deformation, which to some extent explains the differences in corrosion fatigue crack
propagation rates and mechanisms under different plastic damage conditions.

2. Materials and Methods

2.1. Materials and Mechanical Properties

In this study, Al-Mg-Zn alloy was used as the research object. The composition is
given in Table 1. The Al-Mg-Zn Alloy sheet was processed into standard tensile specimens
by wire cutting, according to the standard tensile specimen size in Figure 1. The sample
thickness was 10 mm.

Table 1. Al-Mg-Zn alloy composition (wt.%).

Material Zn Mg Cu Mn Si Ti Cr Fe Al

Al-Mg-Zn alloy 4.0~5.0 1.0~1.8 0.10 0.20~0.70 0.35 0.01~0.06 0.06~0.20 0.40 Bal.

Figure 1. Stress–strain curve of Al-Mg-Zn Alloy base metal.

The stress–strain curve for the Al-Mg-Zn alloy is illustrated in Figure 1. In this study,
we prepared three distinct groups of samples: Group L0 (non-deformation), Group L1 (5%
pre-deformation), and Group L2 (10% pre-deformation). Each sample was machined to
standardized dimensions and mounted on a DNS300 tensile testing machine (Changchun
Machinery Research Institute, Changchun, China). During the pre-deformation process,
tensile loads were applied to the L1 and L2 samples until strains of 5% and 10% were
achieved, respectively. An extensometer continuously monitored the strain, and each
sample was held under the applied load for 10 min to ensure consistent sample deformation.
After this period, the samples were unloaded and prepared for further mechanical testing
to evaluate the effects of pre-deformation on their stress–strain behavior.

Figure 2a and b illustrate the improved unilateral notch specimen (improved Single
edged notched tension, (SENT) specimen) and the sampling position of the CFCG. The
specimen was provided with an extensometer slot above the notch to facilitate a fixed
extensometer. The size of the improved SENT sample is shown in Figure 2c, and the crack
expansion device is given in Figure 2d. Samples were taken from the three groups: L0,
L1, and L2. The crack length data were collected in real time using a computer program
interfaced with the extensometer. The computer program was written in Visual Basic (VB)
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language, the electronic extender adopted model Y5/2.5 for data acquisition, the extender
range was 5 mm, and the measuring range was 2.5 mm.

Figure 2. Pre-deformation of CFCG: (a) tensile specimen with different degrees of pre-deformation;
(b) schematic diagram of the sampling position of the crack growth sample; (c) the size of the crack
growth sample; and (d) schematic diagram of the crack growth device.

2.2. Microstructure

The metallographic samples were treated with sandpaper of different grit sizes
(180–2000), and then polished on a polishing machine until there were no detectable
surface scratches. After polishing, the samples were cleaned with alcohol and then treated
with acid (2% HF, 3% HCL, 5% HNO3, and 90% H2O). An optical microscope (OM) (model
of equipment: Zeiss−A1M, Carl Zeiss AG, Oberkochen, Germany,) and scanning electron
microscope (SEM) ((model of equipment: JSM−6490LV, JEOL, Tokyo, Japan) were used
to observe the fracture of the corrosion fatigue crack growth sample. The element types
and product components were then analyzed. Using electron back-scattered diffraction
(EBSD) (model of equipment: NordlysNano, Oxford Instruments, Oxford, UK), the dis-
tribution of secondary phases and grain boundaries was investigated analytically. All
samples were then electropolished in an electrolyte consisting of 10% roach acid and
90% ethanol. The electropolishing process was run at 25 V for a polishing time of 40 s. The
distribution of dislocations and strengthening phases under different pre-deformations was
investigated using an FEI Tecnai 20 TEM (model of equipment: Thermo Fisher Scientific,
Hillsboro, OR, USA).

2.3. Molecular Dynamics Simulation

In order to probe possible microstructural changes under different degrees of pre-
deformation, the molecular dynamics simulation software package LAMMPS (Large-scale
Atomic/Molecular Massively Parallel Simulator: LAMMPS 3 Mar 2020) [16] developed
by Sandia National Laboratory was used for simulation calculation. The data processing
software used was the Open Visualization Tool (Ovito-3.11.3—OVITO), developed by
Alexander Stukowski of Darmstadt University of Technology [17]. This visualization and
analysis software for atomic and particle simulation data enables valuable insight into
material phenomena and physical processes. The Voronoi algorithm and MEAM [18]
(Modified Embed Atom Method) were employed to establish and calculate the tensile test
of the polycrystalline model of Mg-Al alloy.

In order to facilitate modeling and calculations, we have neglected the influence of
other trace elements. Figure 3 shows the simplified molecular dynamics tensile model of
the Al-Mg-Zn alloy. The model represents a polycrystalline Al-Mg-Zn aluminum alloy
of constant size (200 nm × 100 nm × 200 nm), where the lattice constant of Al atoms is
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“a = 4.05”. The model contains 240,877 atoms and 20 grains. The composition of the alloy is
Al (wt%): Zn (wt%): Mg (wt%) = 94%: 4.6%: 1.4%. The X, Y, and Z coordinates correspond
to the [100], [010], and [001] crystallographic directions.

Figure 3. Molecular dynamic tensile model of Al-Zn-Mg alloy.

Following model establishment and relaxation, a tensile load in the [0 0 1] direction
was applied to the alloy system to assess the motion of atoms and the relationship between
stress and strain during the entire stretching process. The temperature of the system was
set at 300 K, and the X, Y, and Z directions are all periodic boundary conditions. A time step
of 0.001 ps was used for the simulation, a strain rate of 0.001 was applied, and the system
was simulated using isothermal and isobaric ensemble (NPT) relaxation for 50,000 steps;
the atoms were recorded every 100 steps during stretching. Analysis of crystal defects
employed Common Neighbor Analysis (CNA) [19]. The deformation mechanism of the
polycrystalline Al-Mg-Zn aluminum alloy was monitored and analyzed by dislocation
analysis (DXA).

2.4. Corrosion Fatigue Crack Propagation

The CFCG test was carried out on a vertical fatigue testing machine (Changchun
Qianbang Testing Equipment Co., Ltd., Changchun, China). A 3.5 wt.% NaCl solution
was used to simulate the corrosive effect of seawater, and the fatigue crack length was
measured by the flexibility method; measurement accuracy was not less than 0.01 mm.
The measurement gap opening displacement was calibrated according to the GB/T 12160-
2002 [20] standard. The maximum axial loading force was 3.5 KN, the frequency 0.5 Hz,
the waveform a sine wave, and the stress ratio = 0.1. According to the GB/T 2012.2-
2006 standard [21], the sample was pre-cracked, with the length of the pre-crack being
approximately 2 mm. During the test, the number of cycles (N) and the crack length (a)
were collected in real time, applying GB/T 6398-2017 [22]. “Fatigue of Metal Materials”,
the seven-point incremental polynomial data processing method, was adopted, with the
method specified in the “Crack Growth Rate Test Method”. The data were processed by a
Visual Basic (VB) programming program (Visual Basic 15.5), where the CFCG behavior can
be described by the relationship between the crack growth rate (da/dN) and the range of
the stress intensity (factor K).
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ΔK =
ΔP

B
√

W
× 2 + α(

1 − α)3/2 ×
(

0.886 + 4.64α − 13.32α2 + 14.72α3 − 5.6α4
)

(1)

da
dN

= C(ΔK) 2 (2)

In this relationship, α = a/W, where a represents the crack length, W is the sample
width, B is the sample thickness, ΔP is the load amplitude, N is the number of stress
cycles, C and m are constants related to the material, and ΔK is the stress intensity factor
variation range.

3. Results and Discussion

3.1. Microstructure and Mechanical Properties

The three-direction microstructure of Al-MgZn Alloy is shown in Figure 4a. The directions
are rolling (L), long transverse (T) and thickness (S), respectively. The grains in the L-T plane
are uniformly arranged, and pre-deformation is negligible. The grains in the L-S plane are
“flattened”, and the grains show obvious fibrous features along the rolling direction.

Figure 4. (a) Optical microscope image of Al-Mg-Zn alloy: orientation: rolled (L), long transverse
(T), and thickness (S). (b) Tensile strength of Al-Mg-Zn Alloy after pre-deformation. (c,d) Tensile
fracture of non-deformation. (e,f) Tensile fracture of 5% of pre-deformation. (g,h) Tensile fracture of
10% of pre-deformation.
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In addition, the Al matrix is dispersed with fine MgZn2 secondary phases. Figure 4b
shows the tensile curves of two sets of parallel samples of Al-Mg-Zn alloy under different
pre-deformation levels. After pre-deformation, the overall tensile strength increases; the
average tensile strength of L0 is 410 MPa, L1 is 421 MPa, and L2 is 451 MPa. It can be seen
that, compared to the unstrained condition, the tensile strength increased by 2.63% and
10.00% with pre-deformation of 5% and 10%, respectively. As the pre-deformation level
increases, the material’s tensile strength increases. This is because pre-deformation can
introduce grain boundaries and dislocations, thereby increasing the material’s dislocation
density, enhancing the grain boundary strengthening effect, and improving the material’s
tensile strength [23,24].

At the same time, as the pre-deformation level increases, the tensile fracture of the
material also exhibits different characteristics. In the unstrained condition, the dimples are
deep, indicating good toughness of the material. However, when the pre-deformation level
reaches 5% and 10%, the dimples become shallower, and even disappear, with localized
areas of smooth surfaces and a certain degree of brittle fracture on the fracture surface. This
indicates that the strength of the material increases after pre-deformation, while the plastic
toughness decreases. This is bound to have an impact on the fatigue crack propagation of
the material in a corrosive environment.

3.2. Molecular Dynamics Calculation Results

As shown in Figure 5, the atomic structure diagram of the stretched [001] crystal direc-
tion clearly shows the rotation of the grains and the occurrence of defects such as slip and va-
cancies in local areas. The greater the pre-deformation, the more pronounced these changes
become. Further analysis of the microstructure under different pre-deformation levels
reveals that the white disordered atomic regions gradually increase with pre-deformation,
leading to an increase in atomic spacing and enhanced atomic disturbance behavior. A
large number of disordered atoms in this area release stress, making the proliferation of
dislocations relatively easy. By observing the distribution of dislocations, it can be found
that as the pre-deformation level increases, dislocations continue to proliferate [25].

Using the Dislocation Extraction Algorithm (DXA) to analyze the internal dislocation
situation in different pre-deformation models, the color scheme indicates unknown disloca-
tions in red, 1/2<1 1 0> (perfect) dislocations in blue, 1/6<1 1 2> (Shockley) dislocations
in green, and 1/3<1 1 1> (Frank) dislocations in cyan. In the undeformed model, a small
number of dislocations appear, mainly dominated by 1/2 (perfect) dislocations. When the
pre-deformation reaches 5%, the number of dislocations sharply increases, mainly consist-
ing of 1/2<1 1 0> (perfect) and 1/6<1 1 2> (Shockley) dislocations, with 1/2<1 1 0> (perfect)
dislocations playing a dominant role in deformation, while other types of dislocations
have relatively smaller line lengths. As the pre-deformation continues to increase to 10%,
the number of dislocations continues to increase, with 1/6<1 1 2> (Shockley) dislocations
becoming the primary form, playing a dominant role in deformation.

Dislocation density is the ratio of dislocation lines to volume [26]. Figure 6 illustrates
the relationship between dislocation density and strain under various pre-deformation
levels, highlighting the significance of dislocation density, which is defined as the ratio
of dislocation lines to volume. As pre-deformation increases, dislocations accumulate,
enhancing elastic interactions between them that raise the resistance to dislocation slip
and, consequently, the material’s tensile strength, consistent with the tensile test results.
However, the non-uniform distribution of dislocations can lead to dislocation pile-ups,
causing stress concentration, which may promote the propagation of fatigue cracks. This
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emphasizes the importance of understanding both the accumulation and distribution of
dislocations in optimizing material performance [27,28].
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Figure 5. Variation trend of the number of crystal slips, vacancies, and dislocations under different
pre-deformation degrees along the crystal direction of [001]: (a) Tensile fracture of non-deformation.
(b) Tensile fracture of 5% of pre-deformation. (c) Tensile fracture of 10% of pre-deformation.

Figure 6. (a) Tensile stress–strain curves of Al-Mg-Zn alloy and (b) dislocation densities under
different degrees of pre-deformation.

From a comprehensive comparison of dislocation density and type, it can be observed
that when pre-deformation reaches a certain level, dislocations accumulate, and the elastic
interaction between dislocations increases the resistance to dislocation slip, thereby in-
creasing the material’s tensile strength, consistent with the results of tensile tests [29,30].
However, it is worth noting that the uneven distribution of dislocations can also lead
to dislocation pile-ups, causing stress concentration, which to some extent promotes the
propagation of fatigue cracks [31].
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3.3. Corrosion Fatigue Crack Growth Rate Curve

Figure 7 shows the crack propagation rate curves of Al-Mg-Zn alloy under different pre-
deformation levels in a 3.5 wt.% NaCl solution. Table 2 presents the fitting results of the Paris
formula. By comparing the crack propagation rate curves of Al-Mg-Zn alloy under different
pre-deformation levels in a 3.5 wt.% NaCl solution environment, it can be observed that the
difference in pre-deformation levels leads to differences in crack propagation threshold values.
The crack propagation threshold values under three pre-deformation states are in the following
order from highest to lowest: L2 (6.36 MPa·m1/2) > L0 (6.05 MPa·m1/2) > L1 (5.13 MPa·m1/2).
A lower threshold value indicates easier crack propagation. This is attributed to the change in
the internal structure and microstructure of the material due to pre-deformation under external
stress. The crack propagation threshold value is lowest for 5% pre-deformation, resulting in
the fastest crack propagation rate. The threshold value is highest for 10% pre-deformation,
leading to the lowest propagation rate, while the threshold value and propagation rate for no
pre-deformation tend to be in between.

Figure 7. CFCG rate curve of Al-Mg-Zn Alloy after pre-deformation.

Table 2. Paris formula fitting results.

Degree of Pre-Deformation Constant C Constant m Paris Formula

L0 (non-deformation) 7.09 × 10−8 5.43 da/dN = 7.09 × 10−8(ΔK)5.43

L1 (5% pre-deformation) 2.66 × 10−8 5.23 da/dN = 2.66 × 10−8(ΔK)5.23

L2 (10% pre-deformation) 8.41 × 10−10 7.11 da/dN = 8.41 × 10−10(ΔK)7.11

The reason for these results is that pre-deformation increases the density of internal
dislocations in the material, leading to enhanced grain boundary strengthening effects
and an increase in material strength, which to some extent inhibits crack propagation.
However, pre-deformation may also cause dislocation pile-ups, resulting in significant
stress concentration, making crack propagation easier in regions with higher stress under
fatigue loading. Combining the results of tensile tests and the evolution of dislocations
during pre-deformation through molecular dynamics simulations, it can be concluded that
the distribution of dislocations is non-uniform under 5% pre-deformation, leading to stress
concentration, while the density of dislocations is increased under 10% pre-deformation,
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but the distribution is more uniform, increasing the material strength and also raising the
threshold value for crack propagation, hindering crack propagation. The threshold value
for no pre-deformation lies between the two. This indicates that while pre-deformation
enhances the material’s strength, it also leads to a decrease in fatigue performance, high-
lighting the critical importance of selecting an appropriate pre-deformation level.

3.4. Corrosion Fatigue Crack Propagation Path

To further clarify the differences in the CFCG rates, an analysis of the characteris-
tics of the crack propagation paths was conducted. Figure 8 displays macroscopic pho-
tographs of the cracks in Al-Mg-Zn alloy under different pre-deformation levels. As
shown in Figure 8a, the crack under no pre-deformation exhibits a typical “Z”-shaped path,
with an angle of approximately 40◦ with the horizontal direction. Additionally, there are
micro-cracks parallel or perpendicular to the main crack direction. The crack path under
5% pre-deformation (Figure 8b) is relatively straight, with the crack propagation direction
at an angle of around 24◦ with the horizontal direction. Compared to no pre-deformation,
there are more secondary cracks at certain angles to the main crack. The crack path under
10% pre-deformation (Figure 8c) is more similar to the unstrained condition (Figure 8a),
with the crack propagation direction at an angle of approximately 60◦ with the horizontal
direction. The results indicate significant differences in the crack propagation paths under
different pre-deformation levels. The crack path under 5% pre-deformation is straighter,
smoother, and has the smallest angle with the horizontal direction, with the highest number
of secondary cracks. This suggests that the embrittlement of the crack tip region is more
pronounced at 5% pre-deformation, resulting in a lower crack propagation threshold value
and a faster propagation rate, corresponding to the crack propagation rate curve (Figure 7).

Figure 8. Corrosion fatigue crack propagation path of Al-Mg-Zn Alloy with different degrees of
pre-deformation: (a) non-deformation L0, (b) pre-deformation L1, and (c) pre-deformation L2.

Using scanning electron microscopy combined with EBSD, further analysis of the
crack tip CFCG path and microstructural changes was conducted (Figure 9). The IPF
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maps of the crack tips of the non-deformation sample L0 and pre-deformation samples
L1 (5%) and L2 (10%) are shown in Figure 9a,c,e, respectively. The analysis indicates that
the corrosion fatigue cracks in all three conditions exhibit a mixed mode of transgranular
and intergranular crack propagation during the expansion process, with transgranular
propagation being predominant. The distribution of grain boundaries at the crack tip is
shown in Figure 9b,d,f, where high-angle grain boundaries are represented in black and
low-angle grain boundaries are represented in green. With the increase in pre-deformation
level, the number of high-angle grain boundaries decreases. This is due to the deformation
and slip of grain boundaries caused by plastic deformation, leading to changes in the shape
and position of the grain boundaries [23]. Additionally, a large number of subgrains form,
and due to the small orientation differences between adjacent subgrains, it is difficult to
distinguish them by color. Furthermore, in the strain region, the deformation reduces the
orientation differences of the grain boundaries, making the grain boundaries less distinct.
From the perspective of crack morphology, there is significant crack deflection in the crack
path with 10% pre-deformation, which to some extent impedes the crack propagation.

Figure 9. EBSD images of Al-Mg-Zn Alloy with different degrees of pre-deformation: (a) IPF maps
of non-deformation, (b) grain boundary of non-deformation, (c) IPF maps of pre-deformation: 5%,
(d) grain boundary of pre-deformation: 5%, (e) IPF maps of pre-deformation: 10%, and (f) grain
boundary of pre-deformation: 10%.
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The Kernel Average Misorientation (KAM) images (Figure 10a,c,e) represent the degree
of plastic deformation at the crack tip, with green indicating irregular residual strain. It
can be seen that the distribution of residual strain near the crack tip is consistent with
the distribution of small-angle grain boundaries. During the process of corrosion fatigue
crack propagation, significant plastic deformation occurs near the crack. Compared to
no deformation and 5% pre-deformation, the residual strain at the crack tip is smaller
and the plastic deformation is more uniform with 10% pre-deformation. The Schmid
factor represents the ease of activation of slip systems and is used to evaluate the plastic
deformation ability of single-crystal grains. The Schmid factor map at the crack tip position
is shown in Figure 10b,d,f. A larger Schmid factor indicates a soft orientation in the material
structure, which is conducive to crack propagation. When the Schmid factor is smaller, it
is difficult for the material to undergo slip, indicating a hard orientation in the structure.
The Schmid factor is larger when the pre-deformation is 5%, leading to a faster crack
propagation rate, which is consistent with the distribution trend of the crack propagation
threshold and crack propagation rate [32,33].

Figure 10. EBSD images of Al-Mg-Zn Alloy with different degrees of pre-deformation: (a) KAM maps
of non-deformation, (b) Schmid factor map of non-deformation, (c) KAM maps of pre-deformation:
5%, (d) Schmid factor map of pre-deformation: 5%, (e) KAM maps of pre-deformation:10%, and
(f) Schmid factor map of pre-deformation: 10%.

Figure 11 shows TEM images of the near-fracture region of Al-Mg-Zn alloy with
different pre-deformation during corrosion fatigue. As shown in Figure 11a, the alloy
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under no deformation has a low dislocation density, with a large amount of MgZn2 (η
phase) distributed at grain boundaries and within the grains. From Figure 11b, it can
be observed that when the pre-deformation is 5%, the dislocation density of the alloy
significantly increases, and the distribution of dislocations becomes uneven [34]. Local
accumulation of dislocations forms dislocation walls in the matrix, surrounded by the η

phase, creating stress concentration areas and increasing the risk of cracking. In Figure 11c,
when the pre-deformation increases to 10%, although the dislocation density continues to
increase, the distribution of dislocations becomes more uniform, to some extent reducing
the stress concentration and improving the material’s deformation ability [35]. This is
consistent with the trend in dislocation distribution during tensile deformation in molecular
dynamics simulations.

Figure 11. TEM images of the corrosion fatigue near fracture zone of Al-Mg-Zn alloy with different
deformation: (a) no deformation; (b) 5% pre-deformation; and (c) 10% pre-deformation.

3.5. Fractography

Figure 12 shows the micro-fractures associated with the CFCG of Al-Mg-Zn alloy
under different degrees of pre-deformation. It can be seen that the fracture morphologies
are quite distinct. Compared with no deformation L0 (Figure 12a,b), the specimens after
pre-deformation, L1 (Figure 12c,d) and L2 (Figure 12e,f), exhibit a relatively flat corrosion
fatigue fracture. We can attribute this response to the increase in the strength of the pre-
deformation samples, the decrease in plasticity, and the alteration to the material structure.
Moreover, a large number of holes left by the detachment of the second phase can be
seen on the fracture, with many secondary cracks along the direction of fatigue crack
propagation for pre-deformation: 5%. Clear secondary cracks can be seen in the fracture
with 5% pre-deformation, which will lead to local stress concentration at the crack tip
and accelerate the process of crack propagation, which is consistent with the trend in the
threshold value and rate of crack propagation. Higher-magnification analysis allowed
a more detailed consideration of fracture morphology. Fatigue striations are relatively
blurred, but striations with different spacings can still be seen locally. The spacing for
sample L0 is about 0.8 μm, whereas that for L1 and L2 is, respectively, 1.5 μm and 1.1 μm.
The fatigue striation spacing reflects the force crack growth rate to a certain extent, and the
spacing for L1 is the largest. In addition, the crack growth rate test has also shown that the
crack growth rate of L1 is highest. Undulating bright bands are a feature of L1 SEM images,
which may be caused by damage to the crack tip. This indicates that a certain degree of
pre-deformation can enhance the anti-corrosion response, but excessive pre-deformation
inhibits this effect in terms of fatigue performance [36].
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Figure 12. Micromorphology of corrosion fatigue crack propagation fracture of samples with dif-
ferent degrees of pre-deformation in 3.5 wt.% NaCl solution. (a,b) L0: non-deformation; (c,d) L1:
5% pre-deformation; and (e,f) L2: 10% pre-deformation.

3.6. Mechanism Analysis

The pre-deformation of Al-Mg-Zn alloy affects its corrosion fatigue crack propagation
behavior. The microstructure of Al-Mg-Zn alloy after pre-deformation changes due to
the deformation of the material. The aluminum alloy structure is more chaotic and grain
deformation is significant, hampering the resistance of the material to crack growth. Such
pre-deformation will lead to a reduction in the corrosion fatigue crack growth threshold
for Al-Mg-Zn alloy. Greater pre-deformation results in work hardening, which serves
to increase material tensile strength, which is manifested as an increase in the CFCG
threshold and a decrease in the crack growth rate [37]. Tibor Berecz [38] studied the
pre-deformation behavior of 6082 aluminum alloy and found that the dislocation density
increased significantly with an increase in the degree of pre-deformation deformation. The
elastic interaction increases the resistance to dislocation sliding, which eventually leads to
a significant increase in tensile strength, so the CFCG threshold of 10% pre-deformation
increases. Wang [39] studied the microstructure and tensile properties of industrially
prepared 7050 aluminum alloy plates. Their results showed that the grain size distribution
in the aluminum alloy was not uniform, and some grains exhibited coarseness, which can
lead to uneven deformation during the pre-deformation process. Chen [40] studied the
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torsional thermal deformation behavior of 7A04 aluminum alloy. They reported differences
in grain shape in different regions (equiaxed, elliptical, and fibrillar) due to deformation,
resulting in different properties with pre-deformation. This can also be seen in our 3D
metallographic analysis, given in Figure 4a. Yang [41] examined the effect of different strain
rates on recrystallization and flow stress in 7085 aluminum alloy during hot compression,
and found that high strain rates promote the formation of a grain boundary structures. Jian-
Liang [42] used the K-M dislocation density model to quantitatively assess the dislocation
density of 7A85 aluminum alloy during hot deformation. The parameters in the model were
determined by the stress–true strain curve obtained from hot compression experiments.
Their two-stage K-M dislocation density model [42–45] considered that some dislocations
transformed into dislocation cells or sub-crystals, which retained a high dislocation density.
Their work established that an increase in plasticity was accompanied by an increased
dislocation density, but the dislocation density inside the original crystal was ignored.

Based on the current research results, the influence of pre-deformation on the mech-
anism of corrosion fatigue crack propagation has not been studied. We conducted an
in-depth analysis of the tensile strength and fracture surfaces of Al-Mg-Zn alloy under
different pre-deformation levels, and elucidated the role of pre-deformation in the fracture
mechanism. Additionally, molecular dynamics simulations were used to analyze the forma-
tion process of defects such as dislocations and vacancies under different pre-deformation
levels, and the variation in dislocation density under pre-deformation conditions. Based on
these research results, corrosion fatigue crack propagation tests were conducted to obtain
the crack propagation threshold and rate under different pre-deformation levels. Combined
with characterization methods such as EBSD, SEM, and TEM, the characteristics along the
crack propagation path, fracture morphology, and the variation of dislocation density near
the crack tip were analyzed. As shown in Figure 13, compared to the experiments with
non-deformation and 10% pre-deformation, the threshold value is lowest and the crack
propagation rate is fastest with 5% pre-deformation. This is mainly due to the increase
in dislocation density and material strength caused by pre-deformation. However, under
5% pre-deformation, the accumulation of dislocations forms dislocation walls, resulting
in significant stress concentration, making it easier for the crack to propagate along the
stress concentration areas. On the other hand, under 10% pre-deformation, the distribution
of dislocations is more uneven, increasing the material strength while also increasing the
resistance to crack propagation [46,47].

Figure 13. Crack propagation paths under different degrees of dislocation density.
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4. Conclusions

This study examines the impact of pre-deformation on the corrosion fatigue crack
propagation (CFCG) of Al-Mg-Zn alloy in a corrosive environment. Through tensile tests
and molecular dynamics simulations, we assessed how varying pre-deformation levels
affected dislocation density and ultimately influenced the alloy’s mechanical properties
and crack propagation behavior in a 3.5% NaCl solution.

1. Enhanced Tensile Strength: The results show that pre-deformation improves the
tensile strength of Al-Mg-Zn alloy, with increases of 2.63% and 10.00% at 5% and
10% pre-deformation, respectively, compared to the unstrained condition.

2. Influence on Crack Propagation: Corrosion fatigue crack propagation is signifi-
cantly affected by pre-deformation, with thresholds varying as L2 (6.36 MPa·m1/2)
> L0 (6.05 MPa·m1/2) > L1 (5.13 MPa·m1/2). Higher dislocation densities at
10% pre-deformation enhance resistance to crack propagation.

3. Molecular dynamics simulations showed that as the pre-deformation level increased,
the dislocation density also increased, consistent with the results of the tensile tests.
However, the uneven distribution of dislocations also led to stress concentration,
which to some extent promoted the propagation of corrosion fatigue cracks.
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Abstract: A novel coupled processing method (PDCT) that associated deep cryogenic
treatment (DCT) with a high pulsed magnetic field (PMT) was investigated to improve
the performance of an as-cast TC4 aero-titanium alloy. Through XRD, SEM, TEM, EBSD,
and a properties test, its microstructure and tensile properties and their relationship were
investigated. The results show that in comparison with the untreated samples, in the PDCT
alloys, the amount of nano-sized precipitates and dislocation density are increased, and
this phenomenon is characterized by their combed dislocation morphology. The grain
sizes are refined and rounded, and the deformed grains are enhanced, together with the
enhancement of low-angle grain boundaries in grains and the transformation from the β

phase to the α phase. The (112) crystal orientation is apparently strengthened. The tensile
strength, elongation, and fracture energy of the optimized PDCT sample are 921.4 MPa,
7.6% and 5.47 × 107 J/m3, which increased by 4.9%, 28.8% and 80.5% compared with the
untreated sample, respectively. The tensile fracture exhibits rheological deformation along
the phase boundaries. The strength–toughness mechanisms are mainly attributed to the
texture, precipitation, dislocation and fine grain strengthening, which stem from the cold
contraction and lattice distortion of DCT and the main magneto-plasticity effect of PMT,
together with their coupling effects.

Keywords: aero-titanium alloy; deep cryogenic treatment (DCT); pulsed magnetic field
(PMF); microstructures and properties

1. Introduction

The ZTC4 (as-cast Ti-6Al-4V) titanium alloy studied in this paper is an α + β type
duplex titanium alloy. It has medium strength and good comprehensive properties and is
the most widely used titanium alloy in aircraft [1–4]. It can be processed into plates, bars
and forgings and can also be processed and prepared into castings with complex sizes by
precision casting. It is widely used in aircraft and engines, such as casings and mounts in
aircraft engine, as well as frames, beams and joints in aircraft, and can reduce the weight of
these objects by about 30% when replacing steel.

However, there are several problems in casting using this titanium alloy at present. The
first reason is that during the solidification and cooling process of the casting, casting stress
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will inevitably be generated because of the different cooling rates of each part, the shrinkage
resistance, and the volume change caused by the structural transformation [5]. If the casting
stress is not relieved, it will remain in the casting as residual stress. Excessive residual
stress in castings will cause the deformation of parts in the process of placement, operation,
processing, and utilization and a serious reduction in dimensional accuracy, which will then
result in cracking [6]. Secondly, the high temperature in the casting process causes coarse
grains and other defects, which deteriorate the strength and toughness of the material [7].
Thirdly, as a medium-strength titanium alloy, ZTC4 titanium alloy has many advantages,
such as high specific strength, good corrosion resistance, and good stability under low- and
high-temperature conditions [8–11]. However, with the continuously increasing demand
for titanium alloys in various high-end manufacturing industries, traditional titanium
alloys appear to be a little behind. Therefore, it is necessary to explore a new method of
reducing residual stress, promoting grain refinement, and improving the strength and
toughness of the ZTC4 alloy to meet gradually growing needs.

Deep cryogenic treatment (DCT) is a kind of solid-state material treatment method in
which the sample is placed in a low-temperature field below −150 ◦C, generally using liquid
nitrogen as a low-temperature medium, and the microstructures and properties of the material
are improved by adjusting the parameters, such as processing temperature (T), treatment time
(t), cooling rate (V), and number of thermal cycles (N). At present, besides its specific utilization
in chemistry and food storage [12,13], DCT has been applied to improve the properties of
ferrous metals and various non-ferrous metals [14]. Li H et al. found that a large number
of tiny secondary carbides were precipitated from high-vanadium steel after DCT, and the
hardness, impact toughness, and abrasive resistance of the sample were improved [15]. Liu
et al. found that the plasticity of HEAp/Al (a high-entropy alloy particle-reinforced Al matrix)
composites after DCT for 36 h was greatly improved, and the crack propagation changed from
unidirectional to bidirectional [16]. Li et al. argued that low-temperature treatment (DCT) was
an effective method of improving the wear resistance and tensile properties of CoCrFeMnNi and
reducing its residual stress [17]. Gu et al. studied the effect of DCT on the mechanical properties
of a Ti-6Al-4V alloy for biomedical applications. The results show that the Vickers hardness
of Ti-6Al-4V increased slightly with the decrease in temperature and increased significantly
with the increase in immersion time at −196 ◦C. It was found that DCT reduced the friction
coefficient of Ti-6Al-4V alloy under a 50 N load. In addition, the lower the temperature and
the longer the immersion time during DCT, the smaller the friction coefficient will be [18]. Gu
et al. also studied DCT alone and DCT followed by aging treatment and found that both could
significantly improve the plasticity of a Ti-6Al-4V alloy. After DCT and aging treatment at
650 ◦C, the ductility of the alloy increased by about 22.7% [19]. M.C. Zang et al. studied the
low-temperature tensile properties and deformation behavior of the metastable beta titanium
alloy Ti-15Mo-2Al, which has ultra-high tensile strength and intergranular fractures caused by a
strong stress concentration at the grain boundary during tension [20]. The studies of the above
researchers all found that DCT played a positive role in improving the properties of the alloy.

In recent years, the pulsed magnetic field (PMF) has been introduced into the manu-
facturing of many new substances [21,22] or to improve material quality [23]. In particular,
applying PMF to different alloys can improve the microstructure uniformity of the material,
promote dislocation slip, and reduce residual stress [24]. Wang et al. reported that the
application of external PMF led to the magneto-plasticity phenomenon of alloyed steel.
The rotation of the magnetic domain led to the movement of the magnetic domain wall, dis-
rupting the original balance between the region containing the magnetic domain; the grain
was broken, and the change in the internal stress of the grains changed the residual stress
in the material [25]. G.R. Li reported that the high-intensity pulsed magnetic field treat-
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ment changed the electron spin state between dislocations and obstacles in TiAl-4822 alloy,
weakened the pinning effect of obstacles on dislocations, facilitated dislocation movement,
and improved the plasticity of materials [26].

In the process of material processing and preparation, it is found that the effect
of associated treatment is sometimes more effective than the single treatment [27,28].
Currently, numerous studies have been conducted on the application of single cryogenic
treatment and magnetic field treatment in materials science, and the theoretical study of
their respective mechanisms has gradually advanced. However, only a few studies have
been conducted on an associated treatment method which combines cryogenic treatment
with magnetic field treatment. Akhbarizadeh et al. [29] reported that the DCT of tool
steels under the action of a static magnetic field changed the distribution of carbides and
improved mechanical properties.

In this study, the effects of cryogenic treatment and a high pulsed magnetic field on
the microstructure and mechanical properties of the ZTC4 titanium alloy were investigated.
This study aimed to optimize the technical parameters of physical field modification treat-
ment and establish the internal relationship between different physical fields, experimental
parameters, alloy microstructures, and the mechanical properties of alloys. Additionally,
it aimed to explore the optimization mechanism of new technology for the synchronous
improvement of strength and toughness.

2. Experimental and Procedures

2.1. Materials

The original sample of ZTC4 titanium alloy used in the experiment was obtained from
the Beijing Institute of Aeronautical Materials, Beijing, China. It was cast in a vacuum
consumable electrode arc furnace after melting twice. Table 1 shows the components of the
ZTC4 titanium alloy. The casting was treated using a hot isostatic pressing technique by
maintaining it at 920 ◦C for 2.5 h in a 120 MPa argon condition before being cooled to below
300 ◦C with the furnace in order to eliminate the casting stress and accomplish annealing.

Table 1. Components of the ZTC4 titanium alloy (wt.%).

Element Ti Al V Fe Si C N H O

Base 5.5~6.8 3.5~4.5 0.30 0.15 0.10 0.05 0.015 0.20

To test the mechanical properties of the ZTC4 titanium alloy, the material was pro-
cessed into a standard tensile specimen through precise wire cutting (Figure 1).

Figure 1. Schematic diagram of the tensile sample (unit: mm).

2.2. Experiment Procedure

To explore the effects of deep cryogenic treatment (DCT) and pulsed magnetic field
treatment (PMT) on the mechanical properties and microstructure of ZTC4 titanium alloy,
three different modification methods of ZTC4 titanium alloy were designed, as follows.
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(1) Deep cryogenic treatment
The liquid DCT method was adopted, which involved direct immersion in liquid

nitrogen to maintain the temperature. The used YDS-30-125 liquid nitrogen tank was
produced by China Yuxin Aviation Cryogenic Container Co., Ltd., which is located in
Xinxiang City, China. The experimental scheme is shown in Table 2. The samples were
named according to the cryogenic treatment time (unit: hours) as untreated, DCT12, DCT24,
DCT36, and DCT48. The effect of different cryogenic times on microstructure evolution and
mechanical properties was investigated to determine the optimized cryogenic treatment
time. The cryogenic time was selected based on previous studies [28]. During DCT
processing, the ambient temperature was controlled at 25 ◦C through an air conditioner.

Table 2. Scheme for DCT experiments using ZTC4 titanium alloy.

Specimens Cryogenic Temperature T (◦C) Cryogenic Time t (h)

DCT12 −196 12
DCT24 −196 24
DCT36 −196 36
DCT48 −196 48

(2) Pulsed magnetic treatment
Pulsed magnetic treatment involved placing the sample in the magnetic field coil and

uniformly performing the magnetic field treatment on the sample, as shown in Figure 2.
The magnetic field generator was produced by the Nanjing Advance Magnetic Components
Co., Ltd., which is located in Nanjing City, China, and its type is HSK-H2060. The two
most important parameters of the PMF are magnetic induction intensity (B) and pulse
number (N). The differences in B, which lead to the deviations in pulse interval, make the
characterization of the effective action time of the pulsed magnetic field challenging when
using continuous time. Thus, in this experiment, N was used to characterize the effective
action time of the magnetic field.

 

Sample 

Figure 2. Schematic of the PMT apparatus.

The PMT experiment comprised two parts (Table 3); the first was to set N = 30 (in
accordance with the previous optimization results). Then, B was adjusted from 2 T to 5 T,
and the corresponding sample numbers were PMT2, PMT3, PMT4, and PMT5. When B
= B*, the effects of different magnetic field pulse numbers N (10, 20, 30 and 40) on the
mechanical properties of ZTC4 titanium alloy were investigated, and the optimal pulse
numbers N* were obtained by naming the samples PMT10, PMT20, PMT30, and PMT40.
Finally, according to the above two parts of the experimental results, the optimal pulse
magnetic field parameters were determined. The parameters of pulse magnetic field
treatment were selected according to previous studies [26]. During the PMT processing,
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the input current and voltage were monitored and controlled at an exact value so as to
ensure the accuracy of B.

Table 3. Scheme for PMT experiment.

Samples Magnetic Induction Intensity B (T) Pulses Counts N

Untreated 0 0
PMT2 2 30
PMT3 3 30
PMT4 4 30
PMT5 5 30

PMT20 3 20
PMT30 3 30
PMT40 3 40

(3) PDCT treatment
Building on the results of the previous two studies, the two treatment methods were

combined, resulting in PDCT. This involved two steps; at first, the titanium alloy was
immersed in the liquid nitrogen for the set soaking times of 12 h, 24 h, 36 h and 48 h.
Afterwards, the alloy was removed and exposed to the room-temperature environment.
Then, the sample at room temperature was treated with a PMF with B = 3 T, N = 30.
This treatment aimed to investigate the modification effect of associated cryogenic deep
treatment and magnetic field treatment on the microstructure and properties of ZTC4
titanium alloy, optimize experimental parameters, and analyze the modification mechanism
under the PDCT condition.

2.3. Detection Method

An X-ray diffractometer (BRUKER D8 ADVANCE, Bruker, Germany) was used to analyze
the phase, and the dislocation density was observed and calculated. The ranges of diffraction
angle and scanning speed were set to 20–90◦and 5◦/min. Field emission scanning electron
microscopy (FEI NovaNano 450, Hillsboro, OR, USA), transmission electron microscopy (JEM-
2100, Akishima City, Tokyo, Japan), and an electron backscatter diffraction (EBSD) system
composed of S3400 field emission scanning electron microscopy (SEM, Tokyo, Japan) and an
Oxford prober (London, UK) were used to examine the microstructure evolution of the material
before and after treatment, including the changes in grain size, dislocation morphology, phase
evolution, and texture. The FEI NovaNano450 SEM had a resolution of 1 nm and an operated
acceleration voltage of 10 kV, and the resolution and acceleration voltage of the JEM-2100
transmission electron microscopy (TEM) were 0.1 nm and 250 kV, respectively. The main
parameters of EBSD were as follows: a working distance of 30 mm, an acceleration voltage
of 3 kV, a beam current of 90 pA, a spatial resolution of 0.05 μm, and an angular resolution
of 0.05◦. MDI JADE6.5, Digital Micrograph 1.6, and OIM analysis software 8.6 were used to
analyze the images or data from X-ray diffraction (XRD), TEM, and EBSD, respectively. The
tensile properties of the samples were tested at room temperature using a DDL100 electronic
universal testing machine(Changchun Institute of Mechanical Science Co., Ltd., Changchun
City, China), and the tensile rate was 1 mm/min.

3. Results and Discussion

3.1. Performances of DCT and PMT Alloys

Table 4 shows the effect of cryogenic soaking time on the tensile properties of the ZTC4
titanium alloy, and the optimized parameter for liquid cryogenic treatment was ascertained
to be 36 h.
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Table 4. Tensile properties of the DCT-ed ZTC4 titanium alloy using different cryogenic times.

Samples
Cryogenic

Temperature
(◦C)

Cryogenic Time
(h)

Tensile Strength,
σb (MPa)

Elongation, δ (%) Remarks

Untreated Room temperature 0 878.3 5.9
DCT12 −196 ◦C 12 859.2 7.3
DCT24 −196 ◦C 24 893.2 7.5
DCT36 −196 ◦C 36 916.5 7.5 Best
DCT48 −196 ◦C 48 875.9 6.8

Table 5 shows the tensile properties of the ZTC4 titanium alloy subject to PMT at
different B and N values. The PMT caused various degrees of change in the samples com-
pared with the untreated samples. PMT proved able to achieve simultaneous improvement
in strength and toughness, with a more significant effect in the B = 3 T, N = 30 samples.
The ultimate tensile strength and elongation of the sample were 912.5 MPa and 7.3%,
showing an increase of 3.9% and 23.7%, respectively, compared with the untreated sample.
Therefore, B = 3 T and N = 30 were the optimal parameters for PMT processing.

Table 5. Mechanical properties of the PMT-ed ZTC4 titanium alloy.

Samples
Magnetic Induction

Intensity, B (T)
Pulse Count N Tensile Strength,

σb (MPa)
Elongation,

δ (%)
Remarks

Untreated / / 878.3 5.9

Best B
PMT2 2 30 901.6 6.6
PMT3 3 30 912.5 7.3
PMT4 4 30 910.4 7.1
PMT5 5 30 897.1 6.9

PMT20 3 20 901.9 7.2
PMT30 3 30 912.5 7.3 Best N
PMT40 3 40 899.3 6.9

3.2. Microstructure and Performance of PDCT Alloys

The collaborative processing method was as follows. DCT was processed for 12 h,
24 h, 36 h and 48 h; then, PMF processing with N = 30 and B = 3 T was performed.
The collaborative processing method was abbreviated to PDCT12, PDCT24, PDCT36 and
PDCT48 for each sample.

Figure 3 shows the SEM microstructure (8000×) of PDCT alloys with different DCT
times. As shown in Figure 3a, the untreated ZTC4 alloy mainly consisted of a long-stripe
α phase with a black color and a needle-like β phase with a white color. No noticeable
precipitates were observed in the α phase, and the orientation of the β phase was chaotic.

In the PDCT12 sample (Figure 3b), the grains exhibited orientation characteristics, and
small nanoscale precipitates were observed in the α phase. The β phases of PDCT24 and
PDCT36 samples exhibited sheet-like morphology, and their height gradually increased
along the vertical direction, thus preventing crack propagation under external tensile stress,
which was more evident, as shown in Figure 3d. Meanwhile, numerous nanometer precipi-
tates were observed among α phase in the PDCT36 sample. In contrast, the orientation of
PDCT48 (Figure 3e) was pronounced, but the small precipitates were not clearly visible.
This phenomenon indicates that prolonged DCT is not beneficial for the precipitation
process due to stable energy and stress conditions.
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Figure 3. SEM images of PDCT samples with different cryogenic times (8000×). (a) Untreated sample;
(b) PDCT12; (c) PDCT24; (d) PDCT36; and (e) PDCT48.

Generally, the microstructure of PDCT alloys exhibited the following typical charac-
teristics: first, the number of nano-scale precipitates among the α phase in the PDCT12,
PDCT24 (Figure 3c), and PDCT36 samples significantly increased. Second, the morphol-
ogy of the coarse elongated α phase exhibited the orientation characteristics along the
magnetic field direction, as represented by the yellow arrows. Third, the height of the β-
phase increased along the vertical direction, which was more pronounced in the optimized
PDCT36 sample.

Table 6 shows the comprehensive mechanical properties of the PDCT alloy with
different cryogenic times. To ensure the reliability and accuracy of properties, three samples
were prepared and processed in the same conditions, resulting in three PDCT12 samples
with three corresponding tensile properties. The average property value and standard
deviations were calculated based on the three samples.

Table 6. Mechanical properties of PDCT samples with different cryogenic times.

Samples
Tensile Strength

(MPa)
Standard Deviations (SD)
of Tensile Strength (MPa)

Elongation (%) SD of Elongation
Fracture Energy

(J/m3)
SD of Fracture
Energy (J/m3)

Untreated 878.3 2.1 5.9 0.3 3.03 × 107 0.09 × 107

PDCT12 884.4 1.7 7.6 0.1 4.91 × 107 0.11 × 107

PDCT24 910.5 1.6 7.4 0.1 4.81 × 107 0.08 × 107

PDCT36 921.4 1.7 7.6 0.2 5.47 × 107 0.12 × 107

PDCT48 886.1 2.0 6.7 0.1 3.93 × 107 0.11 × 107

Average of PDCT
samples (AVE) 900.6 / 7.3 / 4.78 × 107 /

AVE vs. Untreated Increase of
2.5% / Increase of 23.7% / / Increase of 57.8%

Figure 4a shows the tensile stress–strain curve, and Figure 4b,c show the changes in
tensile strength, elongation and fracture energy. Notably, the tensile strength and elongation
of PDCT36 were 921.4 MPa and 7.6%, which were 4.9% and 28.8% higher than those of the
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untreated sample, respectively. The mechanical properties were also superior to those of
optimized DCT (soaking for 36 h) or PMF (B = 3 T, N = 30) samples.

 

 

Figure 4. Mechanical properties of PDCT alloy with different cryogenic times. (a) Stress–strain curve;
(b) tensile strength and elongation; and (c) fracture energy.

The analysis of the PDCT effect revealed that all the tensile strengths of four PDCT
alloys were higher than that of the untreated sample. When the processing time increased
from 0 h to 36 h, the tensile strength increased, reached a maximum value at 36 h, and
decreased after 48 h. Regarding the change in fracture absorption energy, all the PDCT
alloys of fracture absorption energy were superior to that of the untreated sample on the
whole. The PDCT36 sample had the highest value of 5.47 × 107 J/m3, which was 81% more
than that of the untreated sample.

The Schmid factor was introduced to investigate the strength characteristic. Figure 5
shows the change and distribution statistics of the Schmid factor before and after PDCT.
Figure 5a,c show the distributions of Schmid factors before and after PDCT. The whole
Schmid factor of the untreated sample was generally large, with values above 0.3 in
most areas. In contrast, the Schmid factor decreased significantly after PDCT processing.
According to the statistical results in Figure 5b,d, the Schmid factor of the untreated sample
was 0.3465, mainly distributed in the range of 0.35–0.5. The average Schmid factor of
PDCT36 was 0.3141 and mainly distributed in the range of 0.3–0.4.
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Figure 5. Schmid factor (SF) distribution before and after PDCT: (a) SF distribution before PDCT;
(b) distribution histogram before PDCT; (c) SF distribution after PDCT; and (d) distribution histogram
after PDCT.

The relationship between the Schmid factor and critical shear stress τc can be expressed
as in Equation (1).

τc =
F
A

cosλ·cosϕ (1)

where ϕ represents the angle between the axial stress (F) and the normal of the glide plane
whose square is A, and λ stands for the angle between the force axis and the glide direction.
The Schmid factor is defined as cosλ·cosϕ. Because the critical shear stress τc is an inherent
property of the material, the magnitude of the Schmid factor cosλ·cosϕ will affect the
magnitude of the axial stress (F). When the shear stress along the slip direction reaches the
critical value, the slip occurs between crystal planes, corresponding to the macroscopic
yield limit.

Figure 6 shows the tensile fracture of the PDCT sample under SEM. Compared with
the untreated sample in Figure 6a, the PDCT sample had noticeable dimples, which are
represented by red dashed lines in Figure 6b,d. Figure 6c,d show the rheological character-
istics (yellow dashed lines) in the PDCT samples. The fracture surface of PDCT enhanced
the toughness and rheological properties of the alloy and supported the performance
characteristics in terms of strength and toughness.

In contrast to brittle fracture, ductile fracture was characterized by several features:
large energy absorption before actual fracture, large deformation at a certain strain rate,
rheological characteristics of metal elongation before fracture, and ductile dimples. Accord-
ing to the characteristics of the elongated microstructure in Figure 6, the alloy deformed
along the nano-scaled elongated phase and the phase interface under the action of external
forces. The rheological deformation occurred along the phase boundary before reaching
the fracture limit. The analysis results showed that as the temperature and cryogenic
time decrease and increase, respectively, the lattice distortion will be intensified, and the
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growth of the precipitated phase will lead to the failure of the fracture originating from the
grain interior.

 

Figure 6. The morphology of the fracture surface for untreated and PDCT samples. (a) Untreated
sample; (b) dimples in PDCT36; (c) rheology in PDCT36; and (d) magnified dimples and rheology
in PDCT36.

3.3. Mechanism Analysis
3.3.1. Structure and Texture

Figure 7 shows the X-ray diffraction pattern of the ZTC4 titanium alloy treated by
PDCT with different cryogenic times. The peak intensity (I) before and after PDCT is shown
in Table 7.

Figure 7. Effect of cryogenic time on the XRD diagram of the PDCT alloy.
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Table 7. The relative peak intensities (I) of the main strong peaks before and after PDCT.

I (%) (100) (002) (101) (102) (112)

Untreated 17.2 25.9 100.0 * 48.9 8.0
PDCT12 58.6 30.2 100.0 32.1 7.1
PDCT24 62.6 27.0 100.0 49.6 32.2
PDCT36 10.7 11.9 100.0 17.7 37.4
PDCT48 2.1 6.6 100.0 33.3 7.1

Note: * The intensity of the strongest (101) peak is set to 100%. The peak intensities of other peaks are calculated
on the basis of this and are therefore named relative peaks.

The grain orientations of the PDCT alloys significantly changed apparently. The
three strongest peaks of the untreated sample corresponded to the (002), (101), and (102)
diffraction peaks, among which (101) was the main peak. The three strongest diffraction
peaks of PDCT12 and PDCT24 were (100), (101) and (102), respectively. For the PDCT36
and PDCT48 samples, the three strongest diffraction peaks were transferred to the (101),
(102) and (112) crystal planes, and the overall intensity significantly decreased.

The texture coefficient was used to analyze the grain orientation change and grain
rotation effect. The formula for calculating the texture coefficient of each diffraction
intensity peak can be calculated through Equation (2).

TC(hkl) =
Ii(hkl)/I0(hkl)

∑n
i=1[Ii(hkl)/I0(hkl)]

× 100% (2)

where TC (hkl) represents the texture coefficient; Ii(hkl) is the actual measurement of the
peak intensity; I0(hkl) is the peak intensity of the standard crystal face in the PDF card; and
n represents the number of diffraction peaks. The calculated results are shown in Table 8.

Table 8. The TC (hkl) of main crystal planes for PDCT alloys with different cryogenic times (unit: %).

Samples TC (100) TC (002) TC (101) TC (102) TC (112)

PDCT12 45.87 16.38 14.05 9.22 12.47
PDCT24 33.95 9.72 9.33 9.46 37.54
PDCT36 8.74 6.45 14.05 5.08 65.67
PDCT48 4.15 8.65 33.95 23.12 30.13

Untreated 47.64 13.68 18.03 10.98 12.31
Average of PDCT

samples (AVE) 23.67 10.31 17.85 11.72 36.45

AVE. vs. Untreated Decrease
of 48.1% Decrease of 11.8% Almost unchanged Almost unchanged Increase of

196.1%

The texture coefficient of PDCT samples changed with different cryogenic times. First,
the TC (hkl) of the (100) crystal surface of the ZTC4 sample continued to decrease. The
average texture coefficient of four PDCT samples significantly decreased by 48.1% in
comparison to the untreated sample. The average texture coefficient of (002) crystal was
11.8% lower than that of the untreated sample. Secondly, the average texture coefficients
of the (101) and (102) crystal plane slightly changed. Third, the (112) texture coefficient
gradually increased with the processing time and reached a maximum in the PDCT36
sample. Overall, the PDCT weakened the grain orientation in the direction of (100) and
(002) but strengthened the grain orientation in the direction of (112), indicating that PDCT
treatment promoted grain rotation and orientation, causing some of the grains in the
direction of (100) and (002) to be deflected to the direction of (112).

To reveal the effect of PDCT on the texture characteristic, the pole and inverse pole
figures were tested, as shown in Figure 8. The result revealed the pole figures and inverse
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pole figures before and after PDCT. High pole density texture caused mechanical anisotropy
in the performance of samples because there was a high-density texture in the alloy; thus,
the ease of achieving the slip systems required for the initiation of deformation in a certain
direction during plastic deformation was different. As a result, differences were observed
in the strength and plasticity of the alloy in various directions.

 

(b) 

(c) 

(d) 

(a) 

Figure 8. Polar figures of untreated and PDCT samples. (a) Polar plot of untreated sample. (b) Polar
plot of PDCT36 sample. (c) Inverse polar plot of untreated sample. (d) Inverse polar plot of
PDCT36 sample.

In the pole figures (Figure 8a), the highest strength of the untreated sample was
31.90. After the sample was subjected to PDCT (Figure 8b), the highest strength was 35.94.
The plate texture orientation was insignificant. In the inverse pole figure, the PDCT-ed
ZTC4 titanium alloy shifted towards (010) in the X0 direction, and the highest strength
of the untreated sample’s inverse pole figure was 6.41 (Figure 8c), while after the sample
was subjected to PDCT, the highest strength was 7.72 (Figure 8d). The more significant
the maximum value of pole density strength, the more pronounced the preferred crystal
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orientations. The (001) and (−120) directions of some grains in the untreated sample
were parallel to the X0 direction of the sample coordinate system, and after PDCT, they
shifted towards the (001) and (010) directions. The preferred orientations appeared in these
two directions.

3.3.2. Dislocation Strengthening

Firstly, the morphology of dislocation was focused. Figure 9 shows the dislocation
morphology and characteristic phases in the untreated and PDCT samples. Dislocation
lines in the untreated sample were few and irregular, which was revealed by the red dotted
line (Figure 9a). After PDCT, the dislocation lines in the sample significantly increased,
indicating the enhancement of dislocation density (Figure 9b). The high-density dislocation
area can act as an obstacle for grains to slip. The dislocation lines in local areas were regular,
as shown in Figure 9b,c. These regular lines are a typical structural feature of alloys treated
with pulsed magnetic fields, which enhance the mobility of dislocations and the ability to
overcome obstacles, thus improving plastic deformation ability.

 

Figure 9. Dislocation characteristic of samples in untreated and PDCT samples. (a) Untreated sample;
(b) proliferative dislocation lines in PDCT36; (c) well-ordered dislocations in PDCT36.

Then, the full width at half maximum (FWHM, short writing L) was introduced to
quantificationally characterize the dislocation density. Table 9 shows the L values of alloy
before and after PDCT treatment. The values in Lines 2–6 are the original data. Combined
with the preferred orientation index TC (hkl) (Table 8), the average FWHM value of the
alloy (Lave) can be calculated using Equation (3):

Lave = ΣL(hkl)·Tc(hkl) (3)

69



Materials 2025, 18, 817

As the cryogenic time increased, the dislocation density initially increased and then
decreased. The inflection point was 36 h of cryogenic time. The Lave of ZTC4 peaked at
PDCT36, indicating the enhancement of dislocation density.

Table 9. The FWHM of alloy before and after PDCT treatment.

Samples L(100) L(002) L(101) L(102) L(112) Lave

Untreated 0.34 0.39 0.41 0.39 0.45 1.98
PDCT12 0.27 0.38 0.35 0.43 0.56 1.98
PDCT24 0.27 0.39 0.39 0.46 0.54 2.04
PDCT36 0.39 0.42 0.38 0.42 0.49 2.11
PDCT48 0.43 0.38 0.30 0.33 0.53 1.97

The PDCT processing significantly increased the dislocation density. During the
PDCT process, the cast TC4 titanium alloy with a surface area of 1 cm2 was subjected to
approximately two tons of pressure. The enormous internal stress distorted the crystal
lattice and induced dislocations. At the same time, due to the entanglement and pinning of
these dislocations, the strength and toughness of the titanium alloy were improved.

Due to the important effects of the geometrically necessary dislocation (GND), the
density (ρGND) of the alloy was calculated based on EBSD results. A certain conversion
relationship was observed between the average local orientation difference (KAMav) and
the geometrically necessary dislocation density (ρGND), as expressed in Equation (4) [30].

ρGND =
2KAMav

μb
(4)

where “μ” is the scanning step size, “b” represents the Burgers vector, and the KAM means
the local orientation difference. The average KAM (KAMav) can reflect the degree of plastic
deformation uniformity, with a higher value indicating greater plastic deformation or
higher defect density. Equation (4) can be used to calculate the relative magnitude of
geometric dislocation density to determine the stress level during the deformation process.

Figure 10 reveals the KAM diagram and distribution histogram before and after PDCT.
Figure 10a,c show the KAM distribution maps, where the blue regions represent areas
with low local orientation differences and the green regions represent areas with high local
orientation differences. Zhang reported that the accumulation of geometrically necessary
dislocations at grain boundaries was due to the uneven micro-strain [31].

The greater the difference in local orientation, the higher the cumulative degree of local
deformation within the material, resulting in a larger amount of stored deformation energy
and a higher geometric density of dislocations (ρGND). After the samples were subjected
to PDCT, regions with high local orientation differences exhibited a greater overlap with
small-angle grain boundaries, providing further evidence for an increase in dislocation
density within these localized areas (i.e., dislocation pile-up zones).

Figure 10b,d present the statistical results of the average local orientation difference
for the untreated and PDCT samples. Most KAMav values for both samples fall within the
range of 0◦–1◦. The KAMav of the untreated sample was 0.6087 and decreased to 0.4619 in
PDCT36. Although the KAMav of the PDCT36 sample decreased, some local areas had high
KAM values, represented by a bright green color, as shown in Figure 10c. This phenomenon,
marked by the concentration of local orientation difference, corresponds to an increase in
the geometric density of dislocations within certain regions.

The grain orientation spread (GOS) of the cross-section of untreated and PDCT samples
was studied, as shown in Figure 11. The GOS diagram is regarded as a measurement of
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dislocation density and strain in a single grain. Its average value is a quantitative estimate
of the orientation deviation within the grain, mainly reflecting some grains with large
deformation. The color bar is displayed in the upper right location of Figure 11a. The
region with a small GOS indicates a more uniform strain distribution, while a large GOS
represents a higher dislocation density, which may be caused by dislocation plugging. The
red part in the upper right corner of Figure 11b shows the region with the highest GOS
value compared with other grains, which is close to 5.0. This value shows that the average
orientation difference in this grain is large, indicating a higher dislocation density and
higher strain.

Figure 10. KAM diagram and distribution histogram before and after PDCT. (a) KAM of the untreated
sample; (b) KAM distribution of the untreated sample; (c) KAM of PDCT36; and (d) KAM distribution
of PDCT36.

 
Figure 11. GOS before and after PDCT. (a) Untreated; (b) PDCT36.

The high-resolution TEM used to examine the dislocation characteristic in typical
samples. Figure 12 shows the high-resolution IFFT (inverse fast Fourier transform) images
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of the untreated and PDCT samples. The T symbols refer to the dislocation location. The
yellow dotted line in Figure 12c meant an apparent deforming line. The corresponding
average lattice spacings were 0.2494 nm and 0.2017 nm, respectively. The decrease in the
lattice spacing implies a stronger interaction between atoms or ions in the crystal, which
improves physical properties.

Figure 12. IFFT images of high-resolution and lattice spacing of untreated and PDCT samples;
(a) high-resolution image of untreated sample; (b) lattice spacing of untreated sample; (c) high-
resolution image of PDCT36 sample; (d) lattice spacing of PDCT36 sample.

3.3.3. Precipitation Strengthening

As shown in Figure 13, some secondary phases appeared along the phase interface
between α and β in the PDCT sample. The α’secondary phase appeared at the β edge,
demonstrating the transition from β to α. Therefore, the α lath was thickened after PDCT,
which was also considered to be the result of the incomplete phase transition promoted
by PDCT. The secondary α′ phase was short and rod-like at the micro and nanoscale (as
shown by the yellow lines in Figure 9b). As shown in Figure 9a, there were a few second
precipitates in the untreated sample.

 
Figure 13. Precipitations in the PDCT alloy.
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Because the secondary α′ phase mainly appeared at the grain boundary, the types and
orientations of the grain boundaries of the untreated and PDCT samples were investigated,
as shown in Figure 14. The black lines represent high-angle grain boundaries (HAGBs),
while the green lines represent low-angle grain boundaries (LAGBs) whose misorientation
angle (MA) is less than 10◦. The black HAGBs were the main component in the two typical
samples. In the untreated sample, the green LAGBs were initially preferentially distributed
at the grain boundaries (Figure 14a).

Figure 14. Type and orientations of grain boundaries (GB) in untreated and PDCT36 samples: (a) GB
type of untreated sample; (b) GB orientations of untreated sample; (c) GB type of PDCT36 sample;
(d) GB orientations of PDCT36 sample.

As shown in Figure 14b,d, the percentage of LAGBs in the untreated sample was 13.1%,
while the percentage of those in PDCT36 increased to 16.5%. SEM microstructure analysis
revealed that the phase transformation occurred from the β phase to the α′ phase in some
locations where the grain boundaries were less than 10◦ during the PDCT. The driving
energy of phase transformation in the LAGB area was the energy stored in the internally
accumulated dislocations. In addition, because of the Burgers orientation relationship
between the β and α phases, a single β phase can be transformed into twelve different
α variants [32]. This transformation means that various selections will occur during the
PDCT process, resulting in the precipitation of many secondary α′ phases with small-angle
grain boundaries on both sides of the α and β grain boundaries.

3.3.4. Fine Grain Strengthening

We initially focus on the grain type in typical TC4 titanium alloys (Figure 15). As
shown in Figure 15a,b, the blue, yellow, and red regions represent recrystallized grains, sub-
grains, and deformed grains, respectively. Figure 15c,d show the proportion of different
grains. After PDCT treatment for 36 h, the recrystallized grains of the samples were
reduced from 12.5% to 4.9% and transformed into sub-grains (increasing from 85.8% to
88.5%) or deformed crystals (increasing from 1.3% to 6.6%). The percentage of sub-grains
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and deformed grains increased by 2.7% and 5.3% in PDCT36 compared with the untreated
sample. This phenomenon indicates that PDCT treatment promotes the nucleation and
growth of sub-grain structures, mainly through aggregation at grain boundaries or phase
boundaries, transforming into small-sized sub-grains driven by high-density dislocation.

Figure 15. Comparison of grain morphology and type changes before and after PDCT. (a) Grain
morphology of untreated sample; (b) grain morphology of PDCT36 sample; (c) grain type of untreated
sample; (d) grain type of PDCT36 sample.

The enhancement of deformed grains indicates that the microplastic deformation of
ZTC4 alloy samples is induced under the cryogenic condition and PMF. Liu et al. used
the Volterra dislocation model of the continuum to calculate the strain energy of edge
dislocation under the influence of the external magnetic field by applying elastic theory
and electrodynamics theories. The results showed that the strain energy of paramagnetic
edge dislocation increased with an increase in magnetic field [33]. The increase in dislo-
cation energy affected the dislocation unpinning, resulting in plastic deformation. The
growth of deformed grains indicated that the PDCT sample was subjected to micro-plastic
deformation, and some deformed grains reached detectable size, indicating that the PDCT
alloy exhibited a significant “magneto-plastic” effect. Due to the other causes of plastic
deformation, the magneto-plastic effect varied with crystal orientation. The magnetic
field reduced the micro-strain around dislocation lines, which was induced by the cold
contraction stress field, making dislocations easier to move. This process increased the slip
line spacing and the complete deformation of the alloy [34,35].

We now focus on the distribution of grain size before and after PDCT (Figure 16).
After the sample was subjected to PDCT, the average grain size decreased from 58.84 μm to
56.01 μm. The general trend of grain size reduction shifted from the columnar distribution
to the left, and the number of grains larger than 100 μm in diameter significantly decreased.
When the grain size was smaller, the grain boundary area became larger. Nucleation at
grain boundaries was more likely to occur during solid-phase transformation because of
the high energy of the grain boundaries and the significant activity of atoms. The increase
in the number of grain boundaries with the refinement of grains enhanced the nucleation
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rate, facilitating the generation of the precipitated phase to a certain extent. The overall
grain size refinement means the simultaneous improvement of strength and toughness at
the macro level.

Figure 16. Grain size distribution before and after PDCT: (a) untreated sample; (b) PDCT36 sample.

3.3.5. Discussion

Overall, the combination of cryogenic treatment and magnetic field treatment effec-
tively improved the tensile properties. The main factors contributing to the strengthening
and toughening mechanism are summarized as follows: (1) optimized morphology of
α and β phase; (2) preferred grain orientation along (112); (3) high-density dislocation
and compact lattice spacing; (4) nano-sized and uniformly distributed precipitates; and
(5) dominant sub-grains and deformed grains together with grain refinement. Table 10
summarizes the main microstructural characteristics and performance of the untreated and
optimized PDCT36. The corresponding strengthening and toughening mechanism can be
found in the right column.

Table 10. Summary and comparison of main microstructural characteristics and performance.

Items Untreated PDCT36 Mechanism

Precipitates within the
α phase none Massive nano-sized

precipitates Precipitation strengthening

α morphology Random Complete and orientated α phase strengthening

β morphology Striped Vertical preference growing β phase strengthening

Grain type More recrystallized grains Sub-grains and deformed
grains increase Fine-grain strengthening

Grain size 58.84 μm 56.00 μm Fine-grain strengthening

Grain boundary HGAB occupies LGAB occupies Dislocation strengthening
Precipitation strengthening

Dislocation density Low High Dislocation strengthening

KAM 0.61 0.46 Decrease in average while
increase in local areas

Lattice spacing 2.494 nm 2.017 nm Fine-grain strengthening

Texture Orientated planes are (100)
and (002) Orientated planes are (112) Texture

strengthening

Schmid factor 0.3465 0.3141 Yield strength increases

Residual stress −577 MPa −480.3 MPa Stability increase
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The combined effects of cryogenic treatment and PMF are analyzed as follows.
First, the cryogenic treatment resulted in cold shrinkage stress and lattice distortion.

The changes in the grain accelerated the moving ability of dislocation, leading to dislocation
plugging and increased dislocation density. Under the continuous effect of cold shrinkage
force, the dislocation moved in the polycrystal, and the grain near the grain boundary
increased the slip resistance due to differences in local orientation. As a result, dislocation
movement was hindered, making it difficult for dislocations to cross grain boundaries,
leading to their accumulation at the boundaries. The high-density dislocation formed
entanglements, increasing strength through the dislocation-strengthening mechanism.

After cryogenic treatment, the dislocations that accumulated at grain boundaries
formed a dislocation wall. In the subsequent magnetic field treatment, the magnetic
field facilitated the release of stress that improved the transformation of recrystallized
grains existing in the as-cast alloy. At this point, the dislocation at the grain boundary
began to diffuse at a high speed. Some unstable dislocations were released during the
diffusion process, rearranging to form a large angle orientation, that is, forming a small
sub-structured grain. Figure 15b shows some fine grains. As shown in Figure 15d, the
percentage of sub-structured grains increased from 85.8% in the untreated sample to 88.5%
in the PDCT sample. The whole grain size reduced from 58.84 μm to 56.00 μm. According
to the Hall–Petch equation, the refined grains imparted higher strength to the material [36].
The grain refinement significantly reduced the impurity content of unit grain boundary area
segregation. Meanwhile, during the process of magnetic field treatment, the magnetic field
reduced stress concentration, which facilitated the precipitation of the nanoscale secondary
alpha phase [37].

4. Conclusions

In this study, a novel coupled processing method combining deep cryogenic treat-
ment (DCT) and high PMT was used to enhance TC4 titanium alloys. The mechanism
of microstructure and performance improvement was analyzed. The following findings
were obtained.

(1) The tensile strength, elongation and fracture absorption energy of the optimized
PDCT sample were 921.4 MPa, 7.6%, and 5.47 × 107 J/m3, respectively, showing
increases of 4.9%, 28.8% and 80.5% compared with the untreated sample. The tensile
fracture exhibited rheological deformation along the phase boundaries.

(2) The grain orientation of the PDCT alloy significantly changed, thus exhibiting different
textural characteristics, and some grains in the direction of (002) and (100) were
deflected to the direction of (112). The polar density and intensity in the polar and
inverse polar diagrams of the treated samples were higher than those of the untreated
samples, indicating that the PDCT increased the preferred orientation characteristics
of the crystals. In this case, PDCT acted as the texture strengthener.

(3) The cryogenic treatment improved the dislocation density and formed a dislocation
wall at the grain boundary due to the cold shrinkage force. The PMF facilitated
the dislocation rearrangement and improved the moving ability of the dislocation,
making PMF the dislocation strengthener.

(4) The secondary nano α′ phase with a width of >100 nm appeared at the edge of the
β phase. The proportion of grain boundary with small angle increased from 13.6%
to 16.5%, which facilitated the transformation of β to the α and α′ phases. In the
PDCT sample, the long-strip β phase had good grain connectivity and exhibited
orientation characteristics along the magnetic field direction, thus increasing verti-
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cal β phase height. This phenomenon indicates that PDCT acts to strengthen the
precipitated phase.

(5) PDCT facilitated the transformation of recrystallized grains into sub-crystalline and
deformed grains. Meanwhile, the average grain size decreased due to the generation
of nanoscale sub-crystalline grains. PDCT decreased the lattice spacing and increased
the interatomic forces. Thus, it acted to strengthen the refined crystals.

Author Contributions: Conceptualization, Z.J., H.N. and G.L.; methodology, G.L., Y.Y. and P.Z.;
formal analysis, S.G. and Y.Y.; investigation, Z.J. and G.L.; resources, H.W. and P.Z.; data curation,
G.L. and Y.Y.; writing—original draft preparation, Y.Y. and H.W.; writing—review and editing, Z.J.,
G.L. and S.G.; visualization, S.G.; supervision, H.N.; project administration, G.L.; funding acquisition,
S.G. All authors have read and agreed to the published version of the manuscript.

Funding: This work was financially supported by the Postgraduate Research & Practice Innovation
Program of Jiangsu Province (KYCX23_3716).

Institutional Review Board Statement: The study was approved by the Aero Engine Corporation
of China Beijing Institute of Aeronautical Materials, Advanced Titanium Alloy Precision Forming
Technology, Jiangsu University and Jiangsu University of Science and Technology.

Informed Consent Statement: Informed consent was obtained from all subjects involved in
the study.

Data Availability Statement: The data presented in this study are available on request from the
authors due to privacy.

Conflicts of Interest: Authors Zhijun Ji and Hai Nan were employed by the company AECC Beijing
Institute of Aeronautical Materials. The remaining authors declare that the research was conducted
in the absence of any commercial or financial relationships that could be construed as a potential
conflict of interest.

References

1. Ma, R.; Zhang, X.F. Improvement of mechanical properties and microstructural refining of cast titanium alloys by coupling of
electro-pulsing and temporary alloying element hydrogen. Mater. Sci. Eng. A 2022, 858, 144176. [CrossRef]

2. Zhao, Q.Y.; Sun, Q.Y.; Xin, S.W. High-strength titanium alloys for aerospace engineering applications: A review on melting-forging
process. Mater. Sci. Eng. A 2022, 845, 143260. [CrossRef]

3. Wang, M.S.; Wang, Y.F.; He, Q. A strong and ductile pure titanium. Mater. Sci. Eng. A 2022, 833, 142534. [CrossRef]
4. Banerjee, D.; Williams, J.C. Perspectives on titanium science and technology. Acta Mater. 2013, 61, 844–879. [CrossRef]
5. Withers, P.J. Residual stress and its role in failure. Rep. Prog. Phys. 2007, 70, 2211. [CrossRef]
6. Carrera, E.; Rodriguez, A.; Silva, J.T. Study of residual stresses in complex aluminum castings. Inter. J. Cast Metals Res. 2012, 25,

264–269. [CrossRef]
7. Yang, Z.Y.; Liu, H.W.; Cui, Z.S. Refinement mechanism of centimeter-grade coarse grains in as-cast Ti2AlNb-based alloy during

multi-directional forging. Mater. Des. 2023, 225, 111508. [CrossRef]
8. Jin, H.X.; Wei, K.X.; Li, J.M. Research progress of titanium alloys for aviation. Chi. J. Nonferrous Met. 2023, 25, 280–292.
9. Li, G.R.; Zhang, J.J.; Liu, C.X. Microstructure and property alterations and toughening mechanism of cast TC4 alloy by solid state

treatment with low-density DC electric field. J. Mater. Res. Technol. 2024, 33, 9862–9875. [CrossRef]
10. Pathania, A.; Kumar, S.A.; Nagesha, B.K. Reclamation of titanium alloy-based aerospace parts using laser-based metal deposition

methodology. Mater. Today Proc. 2021, 45, 4886–4892. [CrossRef]
11. Thomas, M.; Jackson, M. The role of temperature and alloy chemistry on subsurface deformation mechanisms during shot

peening of titanium alloys. Scripta Mater. 2012, 66, 1065–1068. [CrossRef]
12. Li, P.P.; Sun, L.G.; Wang, J.K. Effects of combined ultrasound and low-temperature short-time heating pretreatment on proteases

inactivation and textural quality of meat of yellow-feathered chickens. Food Chem. 2021, 355, 129645. [CrossRef] [PubMed]
13. Guo, L.N.; Hong, C.; Wang, W.J. Evaluation of low-temperature ultrasonic marination of pork meat at various frequencies on

physicochemical properties, myoglobin levels, and volatile compounds. Meat Sci. 2024, 217, 109606. [CrossRef] [PubMed]

77



Materials 2025, 18, 817

14. Li, H.G.; Huang, Y.J.; Zhao, W.J. Overcoming the strength-ductility trade-off in an additively manufactured CoCrFeMnNi high
entropy alloy via deep cryogenic treatment. Addit. Manuf. 2022, 50, 102546. [CrossRef]

15. Li, H.; Tong, W.; Cui, J. The influence of deep cryogenic treatment on the properties of high-vanadium alloy Steel. Mater. Sci. Eng.
A 2016, 662, 356–362. [CrossRef]

16. Liu, J.Q.; Wang, H.M.; Huang, Z.H.; Ma, Z.H. Enhanced strength-ductility synergy of aging treated (FeCoNi1.5CrCu)p/2024Al
composite. J. Alloys Compd. 2022, 929, 167372. [CrossRef]

17. Li, H.G.; Zhao, W.J.; Chen, T.; Huang, Y.J. Beneficial effects of deep cryogenic treatment on mechanical properties of additively
manufactured high entropy alloy: Cyclic vs single cryogenic cooling. J. Mater. Sci. Technol. 2022, 115, 40–51. [CrossRef]

18. Gu, K.X.; Zhao, B.; Wang, Z.J. Microstructure evolution in metastable β titanium alloy subjected to deep cryogenic treatment.
Mater. Sci. Eng. A 2018, 723, 157–164. [CrossRef]

19. Gu, K.X.; Zhang, H.; Zhao, B. Effect of cryogenic treatment and aging treatment on the tensile properties and microstructure of
Ti–6Al–4V alloy. Mater. Sci. Eng. A 2013, 584, 170–176. [CrossRef]

20. Zang, M.C.; Niu, H.Z.; Zhang, H.R. Cryogenic tensile properties and deformation behavior of a superhigh strength metastable
beta titanium alloy Ti-15Mo-2Al. Mater. Sci. Eng. A 2021, 817, 141344. [CrossRef]

21. Xu, J.; Wang, B.; Wang, Y. Electromagnetic fields assisted blanching-Effect on the dielectric and physicochemical properties of
cabbage. J. Food Pro. Eng. 2019, 42, 12888. [CrossRef]

22. Qian, J.; Zhou, C.; Ma, H. Biological effect and inactivation mechanism of bacillus subtilis exposed to pulsed magnetic field:
Morphology, membrane permeability and intracellular contents. Food Biophys. 2016, 11, 429–435. [CrossRef]

23. Lin, L.; Wang, X.; Cui, H. Synergistic efficacy of pulsed magnetic fields and Litseacubeba essential oil treatment against Escherichia
coli O157:H7 in vegetable juices. Food Control 2019, 106, 106686. [CrossRef]

24. Shao, Q.; Wang, G.; Wang, H. Improvement in uniformity of alloy steel by pulsed magnetic field treatment. Mater. Sci. Eng. A
2021, 799, 140143. [CrossRef]

25. Wang, Y.; Xing, Z.G.; Huang, Y.F. Effect of pulse magnetic field treatment on the hardness of 20Cr2Ni4A steel. J. Magn. Magn.
Matet. 2021, 538, 168248. [CrossRef]

26. Li, G.R.; Zhao, B.W.; Wang, H.M. Microstructure and properties of TiAl-4822 alloy subject to the solid-state treatment with pulsed
magnetic field. Mater. Charact. 2024, 211, 113919. [CrossRef]

27. Li, K.; Ma, H.; Li, S. Numerical simulation of three physical fields in counter-current ultrasound. J. Food Process Eng. 2024, 47,
14676. [CrossRef]

28. Li, G.R.; Zhang, Z.B.; Wang, H.M.; Cao, Z.L.; Liu, J.Q.; Zhou, Z.C. Modiffcation of FeCoNi1.5CrCuP/2024Al composites subject to
improved aging treatments with cryogenic and magnetic field. J. Alloys Comp. 2023, 967, 17176. [CrossRef]

29. Akhbarizadeh, A.; Amini, K.; Javadpour, S. Effect of simultaneous magnetic field and deep cryogenic heat treatment on the
microstructure of 1.2080 tool steel. Mater. Des. 2012, 35, 484–490. [CrossRef]

30. Su, W.X.; Wang, H.M.; Li, G.R.; Zhang, Y.F. Evolution of microstructure and mechanical properties of aluminum matrix composites
reinforced with dual-phase heterostructures. Mater. Sci. Eng. A 2024, 901, 146500. [CrossRef]

31. Zhang, Z.; Zhang, J.H.; Wang, W.K. Unveiling the deformation mechanism of highly deformable magnesium alloy with
heterogeneous grains. Scripta Mater. 2022, 221, 114963. [CrossRef]

32. Lu, S.L.; Todaro, C.J.; Sun, Y.Y. Variant selection in additively manufactured alpha-beta titanium alloys. J. Mater. Sci. Technol. 2022,
113, 14–21. [CrossRef]

33. Liu, Z.L.; Fan, T.Y.; Hu, H.Y. Possible mechanism of plasticity influenced by magnetic field. Chinese Phys. Lett. 2006, 23, 175–177.
34. Liao, Z.; Qin, Y.; Yang, Y. Enhanced service life of nickel-based alloy die for copper extrusion by pulsed magnetic field. J. Manuf.

Process 2022, 81, 798–806. [CrossRef]
35. Dong, K.; Wang, H.M.; Li, G.R. Microstructure and properties of FeCoNi1.5CuB0.5Y0.2 high-entropy alloy subject to high magnetic

field treatment. Intermetallics 2024, 169, 108278. [CrossRef]
36. Wang, H.M.; Su, W.X.; Liu, J.Q. Microstructure and properties of FeCoNiCrMn and Al2O3 hybrid particle-reinforced aluminum

matrix composites fabricated by microwave sintering. J. Mater. Res. Technol. 2023, 24, 8618–8634. [CrossRef]
37. Xiong, M.; Li, G.R.; Wang, H.M. Influence of pulsed magnetic field processing on the microstructure and mechanical properties of

TC27 titanium alloy. Mater. Lett. 2024, 372, 137092. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

78



Article

Mechanical Properties and σ-Phase Precipitation in
FeCoCrNiMox (x = 0, 0.4, 0.5, 0.8, 1.3) High-Entropy Alloys:
Insights from First-Principles Study

Huimin Li 1, Junjun Jin 1, Zhiyi Zhang 2, Jinpeng Yu 3, Hairong Sun 4, Songling Sun 5, Weijie Tang 6

and Guoqing Gou 1,*

1 Key Laboratory of Advanced Technologies of Materials, Ministry of Education, School of Materials Science
and Engineering, Southwest Jiaotong University, Chengdu 610031, China; swjt_lhm@163.com (H.L.);
jinjunjun@my.swjtu.edu.cn (J.J.)

2 CRRC Qingdao Sifang Co., Ltd., Qingdao 266111, China; zhangzhiyi@cqsf.com
3 School of Computer Engineering, Chengdu Technological University, Chengdu 610031, China;

jxsj01330@163.com
4 Chengdu Metro Operation Co., Ltd., Chengdu 610058, China; shr-19@163.com
5 Sichuan Special Equipment Inspection Institute, Chengdu 610031, China; cdtj_sunsl@chengdu.gov.cn
6 Industrial Center, Shenzhen Polytechnic University, Shenzhen 518055, China; tangweijie@szpt.edu.cn
* Correspondence: gouguoqing1001@163.com

Abstract: High-entropy alloys (HEAs) have garnered significant global interest due to their
outstanding properties. This study investigates the structural stability and mechanical
properties of FeCoCrNiMox (x = 0, 0.4, 0.5, 0.8, 1.3) HEAs using a first-principles approach
coupled with the special quasi-random structure (SQS) method. Of the alloys examined,
all except FeCoCrNiMo1.3 were found to be thermodynamically and dynamically stable.
Elasticity calculations revealed that molybdenum improves the ductility and anisotropy of
the alloys, though with a slight decrease in strength and stiffness, as confirmed by electronic
structure analysis. Defect-free FeCoCrNiMo0.5 HEAs coatings were then prepared using
laser cladding and characterized for their microstructure and hardness. The coating exhib-
ited a transition from columnar crystals at the bottom to equiaxed crystals at the surface,
forming a honeycomb-like structure. Inside the crystal cells, high-density dislocations and
σ-phase were observed. Elasticity calculations of the σ-phase confirmed its high hardness,
low ductility, and classification as a brittle, hard phase.

Keywords: high-entropy alloys; first-principles calculations; special quasi-random
structure; microstructure; mechanical properties

1. Introduction

High-entropy alloys (HEAs), a novel material class born under a new design paradigm,
have fundamentally redefined traditional alloy design principles [1]. In the conventional
design framework, the introduction of alloying elements often leads to the formation of
multiphase, complex intermetallic compounds. However, multicomponent alloys, charac-
terized by high conformational entropy, tend to reduce Gibbs free energy, thereby favoring
the formation of simple solid solutions over complex structures [1–3]. This unique behavior
has attracted significant attention from researchers worldwide, driven by the exceptional
properties of HEAs, such as wear resistance, corrosion resistance, and high strength [4–8].
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Among FeCoCrNi-based high-entropy alloys (HEAs), various compositions have
shown promising properties for structural applications. For instance, FeCoCrNiMn alloy
demonstrates excellent wear resistance [9], while FeCoCrNiCuAl exhibits strong oxidation
resistance [4]. The FeCoCrNiMnAl alloy offers high-temperature wear resistance [10], and
FeCoCrNiCu alloy provides good dislocation storage capacity as well as high ductility
and toughness [11]. Additionally, FeCoCrNiAl0.5Ti0.5 alloy is noted for its strong corrosion
resistance [12].

Molybdenum (Mo), as an alloying element, has been extensively studied for its abil-
ity to enhance the mechanical and corrosion-resistant properties of conventional alloys.
Dai et al. [13] reported that in FeCoCrNiMox alloys, Mo content as low as 0.3% led to the
formation of precipitates, which increased at higher Mo content, enhancing the protective
nature of the passive film and improving corrosion resistance. Furthermore, Zhao [14]
demonstrated that increasing Mo content in FeCoCrNiMnMox alloys led to a transition
from a face-centered cubic (FCC) phase to a mixed FCC and body-centered cubic (BCC)
phase, significantly improving hardness and reducing the coefficient of friction, thereby
enhancing damage tolerance. The effect of Mo content on HEA properties was further exem-
plified by Gu et al. [15], who found that varying Mo content in Ni1.5CrFeTi2B0.5Mox HEAs
altered the coating structure from a single BCC phase to a dual-phase BCC + FCC structure,
improving corrosion resistance in simulated saturated brine mud solutions. Liang [16]
designed (FeCoNi)(88−x)(AlTi)12Mox (x = 0.5, 1.0, 1.5) HEAs with simple FCC solid so-
lutions, identifying that the Mo1.0 alloy exhibited the best mechanical properties, with
yield strength, tensile strength, and elongation reaching 980 MPa, 1260 MPa, and 34.5%,
respectively. Additionally, based on valuable research on HEAs, Mo can combine with
other elements in the coating to form hard and brittle intermetallic compounds, thereby
enhancing the material’s strength and hardness. For instance, Mo and Cr can form the
σ phase, which has a body-centered tetragonal structure. These σ phases are dispersed
throughout the material, resulting in a precipitation strengthening effect [17].

However, the role of molybdenum in FeCoCrNi-based high-entropy alloys (HEAs)
remains underexplored, particularly in optimizing molybdenum content to balance me-
chanical strength, ductility, and thermal stability. While earlier studies have focused
on molybdenum-induced phase transitions and hardness improvements, there is still a
lack of detailed understanding regarding the relationship between molybdenum content,
microstructure, mechanical properties, and electronic structure in HEAs. Most existing
research, both experimental and computational, has concentrated on molybdenum contents
up to 0.3 [18,19], with limited exploration of higher molybdenum fractions (e.g., 0.4, 0.5,
etc.). The effects of these higher concentrations, particularly in combination with other
elements, remain largely unexplored. Therefore, this paper presents a comprehensive study
of FeCoCrNiMox (x = 0.0, 0.4, 0.5, 0.8, 1.3) alloys using first-principles methods based on
density functional theory (DFT), investigating the effect of varying molybdenum content
on the structural stability, mechanical properties, and electronic structure of FeCoCrNiMox

HEAs. Additionally, based on the results of first-principles calculations, a FeCoCrNiMo0.5

coating was fabricated using laser cladding, and its microstructure and mechanical proper-
ties were characterized. This study contributes to the growing body of knowledge on HEAs
and highlights the potential of molybdenum-doped FeCoCrNi-based alloys for engineering
applications that demand high strength and thermal stability.
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2. Methods

2.1. Computational Details

To compute the elastic constants of FeCoCrNiMox HEAs using the first-principles
approach, we employed the Monte Carlo SQS method [20] to generate a symmetrically
ideal FCC lattice with site occupancies for the FeCoCrNiMox (x = 0, 0.4, 0.5, 0.8, 1.3) HEAs
model. The FCC structure is determined by the atomic radius difference (δ) and valence
electron concentration (VEC) in Table 1. When the atomic radius difference is less than 6.6%,
and the valence electron concentration is greater than 8, the structure of high-entropy alloys
mainly consists of the FCC structure. To accommodate our computational resources, we
adopted a compromise solution by constructing a 2 × 2 × 3 supercell with FCC structure,
each containing 48 atoms, and the SQS model for each component is illustrated in Figure 1.

Table 1. The calculation results of δ and VEC in this system.

δ% VEC

FeCoCrNiMo0 5.54 8.2500
FeCoCrNiMo0.4 5.41 8.0625
FeCoCrNiMo0.5 5.39 8.0624
FeCoCrNiMo0.8 5.27 7.8749
FeCoCrNiMo1.3 5.13 7.6875

When δ ≤ 6.6%, it is beneficial to form a single solid solution; when VEC ≥ 8, it tends to form FCC structure
phase [21].

Figure 1. The 2 × 2 × 3 SQS supercell for different Mo elemental contents.

All first-principles computational methods based on density functional theory utilize
the generalized gradient approximation (GGA) of the Perdew–Burke–Ernzerhof (PBE)
generalization as the exchange-correlation functional for self-consistent calculations [22].
To ensure computation accuracy, we conducted a rigorous convergence test by computing
Brillouin zone integrals. The convergence criteria were set as follows: stress less than
0.01 GPa, force tolerance less than 0.005 eV/Å, maximum displacement less than 0.0003 Å,
and total energy change less than 3 × 10−6 eV/atom. After the convergence test, a fi-
nal plane wave energy cutoff of 500 eV and a 3 × 3 × 2 k-point mesh were selected to
calculate the elastic constants of the HEA. The energy variation with increasing cutoff
energy and k-points was less than 1 meV/atom. Before calculating the elastic constants,
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all structures were optimized and energetically computed using the CASTEP software
(Version 2019). The equilibrium lattice constant of the FeCoCrNi HEA after structural
optimization was 3.507 Å, which aligns well with previous calculations and experimental
data (a = 3.568 Å [14], a = 3.540 Å [23]), with an error of less than 2%. This suggests the
reliability of our calculations. The dynamic stability of FeCoCrNiMox HEAs was examined
by the phonon dispersion curves. The elastic stiffness constants were then calculated using
the stress–strain method [24], and the associated mechanical properties were determined.

2.2. Experimental Method

Based on the calculations, the composition at x = 0.5 optimizes the balance between strength
and ductility, and therefore, the FeCoCrNiMo0.5 coatings were prepared by laser deposition.
This study used quenched and tempered EA4T axle steel as the base material. The coating
material, FeCoCrNiMo0.5 HEAs powder, was produced through vacuum atomization. Before
laser cladding, the powder was dried in an oven at 120 ◦C for 2 h to enhance its flowability. The
FeCoCrNiMo0.5 HEAs coating was applied using the laser cladding method with the following
parameters: laser power of 1800 W, scanning speed of 300 mm/min, spot diameter of 5 mm,
powder feeding speed of 2 r/min, and a lap rate of 50%. Specimens were cut perpendicular
to the coating using a linear cutting method. The specimens for microstructural analysis were
ground using 400 to 2000 grit silicon carbide paper, polished with 1 μm diamond powder,
and electrolytically etched with a 5% oxalic acid solution. The coating microstructure was
examined using electron microscopy, X-ray diffraction, scanning electron microscopy, and
electron channel contrast imaging (ECCI). The compositional distribution was analyzed using
energy dispersive spectroscopy (EDS). A JMHVS-1000AT digital microhardness tester (Aolong
Company, Shanghai, China) was used to measure the microhardness of the coating and substrate.
The test parameters were as follows: a loading force of 1.96 N, a holding time of 15 s, and
test areas including the coating, bonding zone, heat-affected zone, and substrate. To visualize
the hardness variations across different areas of the cladding specimen, tests were performed
at equal intervals from the coating to the substrate, with a 0.2 mm spacing between each test
point. In this study, residual stresses across different areas of the coating cross-section were
measured using a μ-X360s X-ray residual stress analyzer (Pulstec Company, Shizuoka, Japan).
The cosα method was employed for stress calculation, utilizing diffraction data collected from
the diffraction ring (normal strain in the direction of the Debye ring circumference angle) using
a two-dimensional detector. The analysis employed a Cr target; the diameter of the collimating
tube was 1 mm, power setting at 30 kV·1 mA, with a zero stress iron powder calibration.
Following a single incident at a single angle, a complete Debye ring was obtained, where the
difference between the Debye ring without stress and the deformed Debye ring under stress
facilitated calculation of the change of interplanar spacing under stress and the corresponding
stress. This approach provided information on full residual stress. The KEYSIGHT G200 Nano
Indenter (Santa Rosa, CA, USA) was used to conduct nanoindentation tests on the coatings,
using a diamond Berkovich indenter and controlling the indentation-depth mode. The specific
test parameters were set as follows: maximum indentation depth of 500 nm, loading strain rate
of 1 mN/s, holding time of 10 s to reach the maximum indentation depth, and then unloading.

3. Results and Discussion

3.1. First-Principles Calculation
3.1.1. Thermodynamic and Dynamic Stability Analysis

To investigate the structural characteristics of FeCoCrNiMox HEAs, we first calculated
the formation enthalpies of four alloys to determine their thermodynamic stability [25].
The formation enthalpy serves as a key indicator of the thermodynamic stability of HEAs,
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representing the enthalpy change when 1 mol of the substance is formed from its constituent
elements in their standard states. This process involves the rearrangement of atoms and
the formation of new chemical bonds, leading to changes in bond energy, van der Waals
forces, and electrostatic energy, which collectively result in a change in the system’s total
enthalpy. The formula for calculating the formation enthalpy (ΔHf ) is as follows:

ΔHf =
1

x + y + z + m + n
[EFeCoCrNiMox − (xEFe + yECo + zECr + mENi + nEMo)] (1)

where EFeCoCrNiMox is the total energy of FeCoCrNiMox models. E(Fe), E(Co), E(Cr), E(Ni),
and E(Mo) represent the total energies of Fe, Co, Cr, Ni, and Mo, respectively, while
x + y + z + m + n corresponds to the total number of atoms in the model. The energies of
FeCoCrNiMox were calculated using first-principles density-functional theory (DFT). These
calculations were performed with the CASTEP software for each alloy model. Structural
optimization was carried out to minimize atomic forces, ensuring accurate ground-state
energy representations for each component. For the five pure metals (Fe, Co, Cr, Ni,
and Mo), we considered their respective crystal structures—FCC for Ni, Cr, and Co and
BCC for Fe and Mo—and modeled them separately. The energy calculations for these
pure metals followed the same approach used for the FeCoCrNiMox alloy. A negative
formation enthalpy indicates thermodynamic stability, and the more negative the formation
enthalpy, the easier the formation process and the more stable the phase. Figure 2a shows
the formation enthalpies of the five alloys. Except for the alloy with a Mo content of
1.3, the formation enthalpies of the other four alloys are negative. The alloy without
molybdenum exhibited the lowest enthalpy of formation, approximately −0.08 eV/atom,
which corresponds well with the calculation by Hayun et al. (−0.036 ± 0.01 eV/atom) [26].
As the molybdenum content increases, the thermodynamic stability gradually decreases,
which is consistent with the findings of Cichocki et al. [19].

Figure 2. (a) Formation enthalpy; (b–f) phonon dispersion curves: (b) FeCoCrNi; (c) FeCoCrNiMo0.4;
(d) FeCoCrNiMo0.5; (e) FeCoCrNiMo0.8; (f) FeCoCrNiMo1.3.

To further determine the stability of the five alloys, we also calculated the phonon
dispersion curves to assess their dynamic stability. Dynamic stability is determined by
the characteristics of the phonon frequencies; if all frequencies in the phonon dispersion
curve are positive, the phase is considered dynamically stable [27,28]. Conversely, the
presence of imaginary phonon frequencies indicates dynamic instability. The phonon
dispersion curves for the four alloys are shown in Figure 2b–f. The results indicate that
FeCoCrNiMo1.3 exhibits imaginary phonon frequencies, suggesting dynamic instability,
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whereas the phonon frequencies for the other four alloys are all positive, indicating the
presence of dynamic stability. In summary, combining these results with the formation
enthalpy analysis, we conclude that FeCoCrNiMo1.3 cannot stably exist. This can be
attributed to the higher concentration of Mo in the alloy, which could disrupt the ideal
atomic arrangement required for stability in high-entropy alloys (HEAs). The large atomic
size difference between Mo and the other elements may also contribute to lattice distortions,
leading to higher enthalpy. Therefore, it is not further discussed in this paper.

3.1.2. Effect of Mo Content on Mechanical Properties

For the structurally optimized model, the elastic constants Cij of the alloys, as calcu-
lated by the stress–strain method of generalized Hooke’s law [29,30], can be used to assess
their mechanical properties. According to Born–Huang theory, for face-centered cubic
crystals, the mechanical stability is determined by the following conditions [31]:

C11 > 0, C44 > 0, C11 − C12 > 0, C11 + 2C12 > 0 (2)

In Figure 3a, it is observed that all compositions of HEAs satisfy the mechanical stabil-
ity conditions. Notably, C11 and C44 demonstrated a significant decrease with increasing
Mo content, while C12 slightly increased. C11 represents the linear compressive response
in the a-axis, and C44, which is related to its shear behavior, is the key parameter affect-
ing the hardness. Thus, the addition of Mo elemental content in the alloy decreased the
compressive resistance and hardness of the alloy.

Figure 3. Mechanical properties at different Mo contents: (a) variation of elastic constants with Mo
content; (b,c) variation of mechanical properties with Mo content; (d) variation of anisotropy with
Mo content.

Based on the results of the elastic constants, the elastic properties of HEAs, including bulk
modulus, shear modulus, Young’s modulus, and Poisson’s ratio, can be determined using the
Voigt–Reuss–Hill approximation [32]. Since the Voigt and Reuss approximations denote the
maximum and minimum limits of the polycrystalline elastic modulus, respectively, the bulk
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modulus B and shear modulus G can be expressed as the Voigt and Reuss averages between
them. For the cubic phase, B and G can be given by the following equations [33]:

B =
1
3
(C11 + 2C12) (3)

G =
1
2
(GV + GR) (4)

where Voigt shear modulus GV = (C11 − C12 + 3C44)/5, and Reuss shear modulus
GR = 5(C11 − C12)C44/[4C44 + 3(C11 − C12)].

In addition, Young’s modulus and Poisson’s ratio can be obtained from B and G [34]:

E =
9BG

3B + G
(5)

V =
(3B − 2G)

2(38 + G)
(6)

The calculated elastic properties of the four alloys are shown in Figure 3b,c. The bulk
modulus B of the alloy is usually proportional to the cohesive energy of the material, which
represents the resistance of the material to bond fracture. The shear modulus G and Young’s
modulus E represent the resistance of the material to shear deformation and the stiffness of the
material [35], respectively, and can be used to assess the mechanical hardness of the alloy in
the annealed state. Meanwhile, the Poisson’s ratio can be used to assess the degree of covalent
bonding and to predict its ductility or brittleness. When the Poisson’s ratio is greater than
0.26, the material is more ductile [36]. In addition, the ratio of bulk modulus to shear modulus
(B/G) is also closely related to the ductility of the alloy. When the ratio is greater than 1.75, it
means that the material is more ductile [37]. From the calculation results, it can be seen that
both the shear modulus and Young’s modulus decreased with the increase in Mo content, while
Poisson’s ratio and B/G showed the opposite trend. Poisson’s ratio was greater than 0.26, and
B/G was greater than 1.75, and the bulk modulus was basically unchanged. These results
indicate that the addition of Mo element improved the ductility of the alloy but at the same time
reduced its shear resistance as well as its stiffness.

Typically, applications of crystalline materials are significantly affected by mechanical
anisotropy. The elastic anisotropy of a material is assessed by means of an anisotropy factor
A, which is also used to study the mechanical properties of anisotropic materials, where
A = 1 indicates isotropy and otherwise anisotropy. The magnitude of A determines the
degree of anisotropy, and the greater the deviation of A from 1, the more anisotropic the
material is. Based on the elasticity constant Cij for cubic crystals, we calculated the Zener
anisotropy ratio AZ and the anisotropy factor A (110) [001] by means of Equations (6) and (7),
where the Zener ratio AZ denotes the ratio of the shear moduli between the (100) and [110]
crystal planes, which can be used to characterize the degree of anisotropy of the material:

AZ =
2C44

C11 − C12
(7)

A(110)[001] =
C44(C

′
+ 2C12 + C11)

C11C′ − C2
12

(8)

where C
′
= C44 + (C11 + C12)/2. A (110) [001] denotes the anisotropy factor in the (110) [001]

direction. By using the above equations, we calculated the Zener ratios AZ and anisotropy
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factors A (110) [001] for the four alloys, and the results are shown in Figure 3d, and the detailed
values are presented in Table 2. The Zener ratio AZ and anisotropy factor A (110) [001] of all
the alloys were not equal to 1, which indicates that the HEAs of all four compositions are
anisotropic materials. The Zener ratio AZ and anisotropy factor A (110) [001] showed the
same increasing trend with increasing Mo content.

In order to examine the anisotropic properties of the four alloys, the three-dimensional
surfaces representing the Bulk modulus, Young’s modulus, shear modulus, and Poisson’s
ratio were further analyzed. An alloy demonstrates isotropy when its three-dimensional
surface manifests as a sphere; otherwise, it displays anisotropic behavior. Greater deviation
of the 3D surface from a sphere signifies higher levels of anisotropy. Figure 4 depicts the
three-dimensional surfaces of the bulk modulus B, Young’s modulus E, shear modulus
G, and Poisson’s ratio V, respectively. Inspection of Figure 4a reveals that the 3D surfaces
representing the bulk modulus of the four alloys conform to standard spherical shapes,
indicating isotropic behavior. However, in Figure 4b–d, the shapes of the surfaces repre-
senting Young’s modulus, shear modulus, and Poisson’s ratio for the four alloys deviate
significantly from that of a standard sphere, suggesting pronounced anisotropy. The color
of a three-dimensional surface corresponds to the magnitude of its modulus, while its
curvature indicates the extent of anisotropy. Young’s modulus surfaces for all alloys exhibit
eight corners, whereas the shear modulus and Poisson’s ratio surfaces possess six corners.
Furthermore, the maximum values of Young’s modulus align with the <111> direction,
whereas for shear modulus and Poisson’s ratio, they align with the <100> direction. This
alignment suggests that the alloys are more resistant to longitudinal deformation along the
<111> direction and transverse deformation along the <100> direction.

Table 2. Elastic constants and properties of σ phase.

Elastic Properties Elastic Constants

B E G H V B/G C11 C12 C44

Σ phase 113.1 239.9 104.7 22.7 0.15 1.1 240.9 49.1 110.9

Figure 4. Three-dimensional surface plot: (a) Bulk modulus; (b) Young’s modulus; (c) shear modulus;
(d) Poisson’s ratio.
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3.1.3. Effect of Mo Content on Electronic Structure

The electronic structure significantly influences the stability and mechanical prop-
erties of materials. To elucidate the relationship between the mechanical properties of
FeCoCrNiMox high-entropy alloys (HEAs) and Mo elements from an electronic perspec-
tive, we analyzed changes in the density of states (DOS) resulting from the introduction
of Mo elements, as depicted in Figure 5a–d. The position of the Fermi energy level is
denoted by the green dashed line. Figure 5a illustrates the total density of states (TDOS),
indicating the metallic nature of FeCoCrNiMox with a non-zero density at the Fermi energy
level. As Mo content increases, the TDOS at lower energy levels diminishes, with peak
positions shifting towards higher energy levels, signifying a gradual reduction in the alloy’s
structural stability [38]. Simultaneously, the depth of the pseudo-energy gap near the Fermi
energy levels in the TDOS decreases with increasing Mo content, implying a weakening of
atomic covalency and consequent reduction in mechanical properties [39,40].

 

Figure 5. (a) Total density of states of FeCoCrNiMox; (b–d) partial density of states of FeCoCrNiMox:
(b) Mo0, (c) Mo0.4, (d) Mo0.5 and (e) Mo0.8. (f) Contour plots of ELF on the (1 0 0) plane of
FeCoCrNiMox.
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Furthermore, as depicted in Figure 5b–d, analysis of the partial density of states
(PDOS) for each metallic element reveals a notable hybridization of electronic states within
the −5–5 eV range. Particularly, the d orbitals of each element predominantly contribute to
these electronic states, with the electron occupation of these d-orbitals significantly impact-
ing the materials’ mechanical properties [41]. The height of the DOS peak of Mo notably
escalates with increasing Mo content, particularly for the first peak above the Fermi energy
level, albeit consistently lower than peaks of other elements. The diminished hybridization
strength between Mo’s d orbitals and those of other elements results in the formation of
covalent bonds with reduced strength compared to bonds involving other elements. The
weaker covalent bonding could make the material more prone to brittle fracture, especially
under tensile stress or high strain rates. This is because materials with weaker covalent
bonds generally exhibit lower resistance to crack propagation. Consequently, the system’s
mechanical properties exhibit a decline with increasing Mo content.

To explore the correlation between electronic structure and mechanical properties
in alloys, electronic localization functions (ELF) were computed for alloys with varying
compositions. ELF offer both quantitative and visual insights into the chemical environment
of a compound. For instance, an ELF value of 0.5 signifies metallic bonding properties,
while a value of 1 indicates full covalent bonding. Figure 5e illustrates the ELF plot of
FeCoCrNiMox. In the FeCoCrNi HEA, the electron cloud is uniformly distributed around
Fe, Co, and Ni, exhibiting similar electronegativities and an ELF value of approximately
0.35, indicating typical metallic bonding. Conversely, a charge depletion region (depicted
in light blue) surrounds Mo and Cr atoms due to their lower valence electron counts,
leading to electron expulsion from their surroundings. This phenomenon weakens the
bonds between Cr/Mo and their nearest neighboring atoms. Consequently, as Mo content
increases, interlayer bonds become more susceptible to breakage, rendering Mo-containing
alloys more prone to slip, thereby diminishing their mechanical properties.

3.2. Microstructure and Microhardness

Figure 6 presents the X-ray diffraction results of FeCoCrNiMox HEA. First-principles-
calculated XRD patterns of the four high-entropy alloys revealed a dual-phase structure
dominated by face-centered cubic (FCC) phases with minor σ-phase contributions. By
comparing the positions of the diffraction peaks, it can be observed that the diffraction
peaks as a whole show a slight leftward shift with the addition of Mo element. This suggests
that the introduction of Mo element leads to significant lattice distortion, causing the lattice
constant to increase with its content. Similar to the results of first-principles calculations, the
phase structure of the FeCoCrNiMo0.5 coating mainly consists of the FCC phase and the σ

phase, which is the same as that observed by Zhao et al. [42]. The addition of Mo promotes
the formation of sigma phase but did not change the crystal structure (FCC). The σ-phase
formation is primarily due to molybdenum’s relatively low enthalpy of mixing with other
elements, making it prone to combining with them. The addition of molybdenum enhances
the tendency for intermetallic compound formation, and the segregation of Mo and Cr
promotes the formation of the σ phase [43]. Molybdenum’s low enthalpy of formation
with metals like Fe, Ni, and Co favors the energetically favorable mixing of these metals
into a solid solution. Despite molybdenum’s larger atomic radius and higher melting
point, these thermodynamic properties—especially the favorable interactions with other
alloying elements—overcome size differences and promote its solubility in the HEA system.
Furthermore, the high configurational entropy resulting from the near-equal mixing of
multiple elements stabilizes phases like FCC solid solutions and complex intermetallics.
This entropy effect counteracts the tendency of immiscible elements to phase separate.
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Figure 6. X-ray diffraction results of FeCoCrNiMox HEA.

Figure 7a–f display secondary electron images and EDS mappings of FeCoCrNiMo0.5

HEA coating. The images reveal a defect-free and crack-free surface, with uniform dis-
tribution of the five elements—Fe, Co, Cr, Ni, and Mo—across the coating. No signs of
elemental segregation are observed. Figure 7g–i illustrate the coating’s microstructure at
the surface, middle, and interface. The surface consists primarily of equiaxed crystals,
while the middle includes both equiaxed and columnar crystals. The bottom is charac-
terized by columnar crystals. Overall, the coating transitions from columnar to equiaxed
crystals, forming a honeycomb-like structure [43]. The formation of columnar grains near
the substrate and equiaxed grains at the surface leads to differences in thermal expansion,
which can induce internal stresses upon cooling. This phenomenon, commonly observed
in coatings produced by rapid cooling techniques such as laser cladding and welding,
may adversely affect mechanical properties, particularly fatigue resistance, and could lead
to cracking under mechanical loading. To investigate the distribution of these residual
stresses, tests were conducted on different regions of the coating, as shown in Figure 7l.
The results demonstrate that the surface of the coating experiences residual compressive
stress due to rapid cooling, which restricts thermal contraction. The middle region shows
minimal residual tensile stress, while the bottom exhibits significant residual tensile stress.
This is attributed to the large mismatch in the thermal expansion coefficients and the
growth direction of columnar crystals between the coating and the substrate. Additionally,
phase expansion of the substrate induces a reverse constraint on the coating, resulting
in high residual tensile stress at the bottom, which progressively decreases towards the
heat-affected zone. Figure 7j,k present electron channeling contrast imaging (ECCI) at the
coating surface and interface. The images reveal closely aligned crystal cells and white
precipitates. A high density of dislocations is present within the crystal cells, while the
white precipitates, identified as Mo-rich σ phase (Cr2Mo3), are located at grain boundaries
and within the cells [44–46]. The combination of these dislocations and the precipitated σ

phase are the key for the increase in the hardness of the coating [17]. Additionally, black
particles, primarily Cr2O3 oxides, are found at grain boundaries and within the grains.
These oxides form during the laser cladding process.
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Figure 7. Microstructure of FeCoCrNiMo0.5 HEA coating: (a–f) secondary electron images and EDS
mappings of coating; (g–i) coating’s microstructure at the surface, middle, and interface; (j,k) electron
channeling contrast imaging (ECCI) at the coating surface and interface; (l) residual stress distribution
in coatings.

The indentation and hardness values across the cross-section of the FeCoCrNiMo0.5

HEA are shown in Figure 8a. The hardness increases progressively from the substrate
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to the coating, forming a clear gradient. The microhardness distribution diagrams of the
substrate, cladding layer, and heat-affected zone show that the EA4T steel substrate retains
its original material properties, with an average hardness of 218.9 HV0.2. The heat-affected
zone is relatively narrow, and its hardness varies significantly. Near the interface, the
hardness is close to that of the coating, but as the distance from the interface increases, the
hardness gradually decreases, approaching the substrate’s value. The microhardness in the
heat-affected zone, compared to the substrate, is largely influenced by thermal cycling. The
formation of residual austenite also contributes to the hardness increase. The maximum
hardness of the coating is 437.91 HV0.2, with the surface being significantly harder than
the bottom. This hardness variation is primarily due to differences in microstructure:
the surface consists of fine equiaxed crystals, while the bottom is mainly made up of
coarse columnar crystals. Figure 8b shows typical indentation load–depth curves of the
FeCoCrNiMo0.5 HEA. The average Young’s modulus and hardness of the alloy are 250.6
and 5.3 GPa, respectively. The value of Young’s modulus measured by the nanoindentation
has a good correspondence with the previous first-principle calculation (262.8 GPa), with an
error of about 4.9%. This also verifies the accuracy of our calculation results from the side.

Figure 8. Mechanical properties of FeCoCrNiMo0.5 HEA coating: (a) Vickers hardness indentation
and hardness values of coating cross-sections; (b) nanoindentation results for coating.

3.3. Elastic Properties of σ Phase

Section 3.2 highlights the significant presence of the σ phase in the coating, which
greatly impacts the mechanical properties of FeCoCrNiMo0.5 HEA. Therefore, it is essential
to investigate the elastic properties of the σ phase to understand its influence on the alloy’s
overall behavior. The σ phase is primarily composed of Cr2Mo3, which has a cubic structure.
To analyze it, a crystal structure model of Cr2Mo3 was created, as illustrated in Figure 9.
After optimizing the structure, the elastic properties were calculated using the stress–strain
method based on first-principles calculations.

91



Materials 2025, 18, 1267

The mechanical stability conditions for the cubic crystal system, as defined by the
Born–Huang theory, are given in Equation (2). Table 2 shows that the elastic constants of
the σ phase meet the mechanical stability criteria, confirming that the phase is structurally
stable. Elastic property calculations indicate that the bulk modulus (B) and shear modulus
(G) are low compared to the FCC phase, with a Poisson’s ratio below 0.26 and a B/G ratio
less than 1.75. This suggests that the σ phase has weak shear resistance and low ductility,
making it an entirely brittle phase. Using Chen et al.’s hardness prediction formula [47], the
hardness of the σ phase was calculated to be approximately 22.7 GPa, which corresponds
to a Vickers hardness of about 2300 HV. This value is significantly higher than that of
conventional alloys. Therefore, the σ phase, formed due to the addition of Mo, is a brittle
and hard phase that significantly alters the coating’s properties and enhances its hardness.
Moderate amounts of the σ phase can significantly enhance the hardness of the alloy,
whereas excessive precipitation of the σ phase leads to increased brittleness [48].

Figure 9. Model structure of the σ phase.

To mitigate the brittleness while maintaining the hardness benefits of the σ phase,
strategies such as heat treatment (e.g., annealing) or compositional adjustments can be
considered. Heat treatment may modify the distribution and morphology of the σ phase,
potentially reducing its negative impact on ductility. For example, the formation of the σ

phase can be suppressed by controlling the cooling rate and introducing an annealing step,
which enhances the ductility of the alloy without significantly reducing the hardness [49].
Additionally, compositional adjustments, such as reducing Mo content or adding stabilizing
elements like Ti, can suppress σ-phase formation or modify its morphology [48].

4. Conclusions

This study investigated the mechanical properties and electronic structure of
FeCoCrNiMox HEAs using first-principles calculations based on density functional theory.
Additionally, FeCoCrNiMo0.5 HEAs coatings were prepared on EA4T steel using the laser
cladding method, and their microstructure and microhardness were characterized. The
main conclusions of the study are as follows:

(1) The addition of molybdenum increases the ductility and anisotropy of the FeCoCrNiMox

HEAs FCC phase, though it slightly reduces strength and stiffness, as confirmed by
electronic structure calculations. As the Mo content increases, lattice distortion in
the coating becomes more pronounced, with a corresponding leftward shift in the
diffraction peak. The Young’s modulus measured by nanoindentation closely aligns
with first-principles calculations, showing a deviation of approximately 4.9%;

(2) The FeCoCrNiMo0.5 HEAs coatings exhibit a transition from columnar crystals at the
bottom to equiaxed crystals at the surface. The surface hardness reaches 437.91 HV0.2,
while the bottom shows slightly lower hardness. Residual stress tests show that
the coating surface experiences residual compressive stress due to rapid cooling,
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while the bottom exhibits significant residual tensile stress. This is attributed to
the thermal expansion coefficient mismatch and the directional growth of columnar
crystals between the coating and substrate. Furthermore, a large number of σ phases
were precipitated in the coating due to the deviation of Cr and Mo elements;

(3) The elastic properties of the σ phase were calculated using the stress–strain method,
showing low bulk modulus, shear modulus, and Poisson’s ratio. Its hardness is
22.7 GPa, classifying it as a brittle, hard phase. The presence of the σ phase alters the
coating’s properties, contributing to its increased hardness.
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Abstract: Titanium alloy has been widely used in aerospace, military, and national defense,
and other high-tech fields due to its advantages of light weight, high specific strength,
excellent corrosion resistance, excellent heat resistance, and good low-temperature perfor-
mance. In the turning of titanium alloys, a significant quantity of continuous chips with
poor breakability is generated. Recycling these titanium chips can effectively reduce raw
material costs and minimize environmental impacts, as it decreases the dependency on
primary titanium sources. The titanium chip crushing process is an indispensable part
of the titanium chip recovery process, and the double-teeth roll crushing process is the
most commonly used metal crushing process. Finite element simulation is an efficient,
time-saving, and resource-saving method to optimize the titanium chip crushing process.
In this paper, the stress change in the process of titanium chip crushing is analyzed by
finite element simulation, and the influence of the number of cutter roller teeth and the
speed of the cutter roller on the crushing effect of the titanium chip is analyzed. The
optimal process parameters of the titanium chip crusher were obtained by response surface
optimization, and the accuracy of the finite element simulation was verified by experiments,
which provided a theoretical and practical basis for optimizing the titanium chip crushing
process.

Keywords: TC4; titanium chips; Johnson–Cook constitutive model; double-teeth roll
crushing process; finite element simulation

1. Introduction

With the development of science and technology, the requirements for materials,
especially metal materials, are increasing in various industrial fields. Titanium alloy is
widely used in aerospace, military defense, and other high-tech fields because of its light
mass, high specific strength, good corrosion resistance, high thermal strength, and good
low-temperature performance [1–3]. The main components of titanium alloy are α-phase, β-
phase, and α + β phase titanium alloy, and the two-phase titanium alloy is most widely used.
The α + β phase titanium alloy has good comprehensive performance and a stable structure.
TC4 is a typical two-phase titanium alloy [4–6]. Due to the unique processing characteristics
of a titanium alloy, a large number of chips will be produced in the turning process. How to
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recycle these titanium alloy chips and reduce the costs of titanium production has become
an important research direction in the titanium processing industry.

The metal crushing process is an indispensable part of the metal recovery process.
Double-tooth roller crushers have been widely used because of their simple structure,
reliable work, and low costs [7]. However, most of the twin-tooth roller crushers are
developed for ore, and there are few studies on ductile metal crushing processes with low
hardness such as titanium chips [8–11]. Ordinary ore crusher work is to rely on the adjacent
two teeth of the ore impact extrusion crushing, and the state of titanium chip crushing is
different; titanium chip crushing needs to form a shear mouth between the teeth roller,
using the shear force to break the titanium chip [12,13].

In previous times, numerous researchers have delved into the study of crushers and
their associated crushing processes. André et al. [14] used a discrete element model to
simulate the crushing of mixed materials containing hard and soft materials in a cone
crusher. The results show that the crusher output will not decrease with the proportion
of ductile materials. Neto et al. [15] developed a discrete-event simulation model to
improve the performance of a steel production line and applied the model to a steel
production line, showing that it could significantly improve the efficiency of the line.
Kwon et al. [10] established a crushing-agglomeration combination model to characterize
the particle characteristics of the double-teeth roller crusher and predict the particle size
distribution of the crusher products. This model can represent the decrease and increase
in the complex particle size in the process. The experimental parameters were used to
predict the particle size distribution of the products with distributed particle size feed, and
the results were compared to the experimental results, which were in good agreement.
This indicates that this model can better predict the product size distribution. Lieberwirth
et al. [16] studied the load variation law of the double-teethed roller crusher under extreme
conditions. Considering the fact that a large amount of energy is stored in the flywheel and
the mass of the floating roller of the maximum machine is too large, suggesting that any
unexpected dynamic behavior may raise issues of safe operation, and obtained the crushing
force dynamics results under extreme conditions, as well as the influence of the particle size
distribution of related products and the mineral structure of various rocks on the clamping
behavior. Marcus Johansson et al. [17] established the time dynamic response model of a
high-pressure roller mill and studied the dynamic response of hydraulic system damping,
feed particle size change, ore hardness, and crusher-to-roller speed change. The model is
suitable for high-fidelity analysis and shows the potential of predicting the performance of
a crusher in process simulation, with an average error of about 10%.

Finite element simulation is an effective way to study the titanium chip crushing
process and can effectively reduce research costs through finite element simulation [18–22].
ABAQUS has a huge database and a powerful three-dimensional modeling function; it can
also import the built model directly into the software. Its rich material attribute table can
directly give the model material and analyze its properties [23].

A reasonable intrinsic constitutive model is a prerequisite for accurate finite element
simulation results. Over the years, many researchers have investigated the deformation
properties of materials under different loading conditions and modified many constitutive
models to describe the flow behavior. These models can be divided into the following three
categories: empirical model, semi-empirical model, and physical-based model [24–26]. For
example, the Johnson–Cook model, the Zerilli-Armstrong model, the Steinberg-Guinan
model, and the Cowper-Symonds model [27–30]. Among them, the Johnson–Cook con-
stitutive model has been widely used because it involves fewer material constants and
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can be directly applied to a variety of finite element software, especially for predicting the
mechanical properties of materials under different conditions [31–34].

In this paper, SolidWorks 2017 software is used to model the double-tooth roller
crusher, and a multi-group crushing tooth roller model based on different tooth numbers
is established. Then the model is imported into ABAQUS for simulation. The effects of
different numbers of cutter teeth, different rotational speeds, and different tip angles on the
crushing of titanium chips were considered. Through finite element simulation, the stress
change during the crushing process of titanium chips was analyzed, and the influence of
the number of cutter roller teeth and the speed of the cutter roller on the crushing effect of
titanium chips was analyzed. The optimal process parameters of the titanium chip crusher
were obtained by response surface optimization, and the accuracy of the finite element
simulation was verified by experiments, which provided a theoretical and practical basis
for optimizing the titanium chip crushing process.

2. Model and Simulation of Titanium Chip Crushing Process

2.1. Selection of Cutter Tooth Profile Structure of Double-Toothed Roll Crusher

When the double-toothed roll crusher is working, the installation of different types
of crushing teeth will directly affect the crushing effect of the processed materials and the
energy consumption during processing and will also affect the output of the crusher and
the service life of the cutter teeth. Therefore, it is necessary to conduct a comprehensive
analysis of the common broken tooth structure in the market. The crushing behavior of
different cutter tooth structures on the material during operation is different, including
shearing, extrusion, collision, and puncture. Considering the characteristics of low stiffness
and good toughness of titanium chip material, a cutter tooth structure suitable for titanium
chip crushing is designed.

There are many factors affecting the design of the tooth structure of the double-toothed
roll crusher, especially for the particle size distribution of the product and the material
properties of the processed materials. Therefore, considering the material properties of
titanium chips and the requirements for their processing granularity, a broken tooth with
simple structure is proposed. Although it only involves the basic shape parameters of the
broken tooth, it can generally describe the shape of the broken tooth and provide a good
basis for further optimization design of the tooth shape. As shown in Figure 1, the tooth
structure of the tooth plate crushing tooth for titanium chips is shown.

 

Figure 1. Schematic diagram of tooth plate and crusher tooth structure.

In order to study the influence of different cutter tooth shapes on the stress of titanium
chips when the crusher is working, 60◦, 75◦, and 90◦ are selected as the cutter tip angles to
model the cutter. Figure 2 is a schematic diagram of broken teeth with different tip angles.
Among them, (a) corresponds to a cutting-edge angle of 60◦, (b) to 75◦, and (c) to 90◦.

98



Materials 2025, 18, 1894

 

Figure 2. Schematic diagram of crusher teeth with different cutting edge angles. (a) 60◦ blade angle.
(b) 75◦ blade angle. (c) 90◦ blade angle.

2.2. Model of Titanium Chip Crushing Teeth Roller

The establishment of a geometric model is the basis of finite element analysis, and the
establishment of an accurate 3D model can improve the accuracy of simulation results [35].
Therefore, how to establish the 3D model efficiently and accurately is particularly critical. If
the 3D model is too complex, it will bring considerable difficulties to the later finite element
analysis. So, it is necessary to make a reasonable simplification of the 3D model of the
titanium chip crushing roll.

Figure 3 is the overall model of the double-teethed roll titanium sheet crusher. The
broken teeth plate is fixed on the broken teeth roller by bolts. To facilitate the later finite
element software to mesh the broken teeth roller and save the simulation calculation time,
only a part of the broken teeth roller is taken to establish the simulation model.

Figure 3. Double-teethed roller titanium chip crusher.

To explore the influence of different tooth numbers on the crushing effect of titanium
chips, SolidWorks 2017 software was used to model the crushing knife roller, and 18, 23, 27,
and 32 tooth numbers were used for the model. Then it is imported into the finite element
software ABAQUS 2020 for calculation.

To study the effect of different rotational speeds on titanium chip crushing, different
simulation groups were established at different rotational speeds of 18 rpm, 22 rpm, 26 rpm,
and 30 rpm.

2.3. Simulation of Titanium Chip Breaking Process

To greatly reduce the calculation time and amount of calculation of the titanium chips
crushing simulation, the established model should be simplified as much as possible on the
premise of improving the accuracy of simulation calculation results. So, to more effectively
apply the finite element analysis of the titanium chip crushing process, in this paper, the
following settings were used:

(1) The ambient temperature is always 25 ◦C.
(2) The cutter is a sharp, rigid body, and it only rotates.
(3) The processed work-piece material is isotropic.
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(4) All the chemical changes due to temperature changes during the crushing of titanium
chips are not considered.

(5) The titanium chip material transition temperature is set at 25 ◦C.

Since the hardness of the tool material is much higher than that of the titanium chip,
the elastic modulus of the tool material is large compared to that of the titanium chip
material. When the titanium chip is broken, the titanium chip will have large plastic
deformation, and the deformation of the tool can be completely ignored. Therefore, in this
paper, the tool is set as a rigid body [36].

The most important step in the process of establishing the finite element model is to
divide the finite element mesh. Many factors should be considered when meshing because
the calculation accuracy and calculation scale of the simulation model are limited by the
number and shape of the mesh [37].

Usually, two specific parameters are used to determine the number of meshes. One
parameter is the number of elements divided by the selected solid surface, and the other
parameter is the mesh density control parameter. Through the trade-off between these two
parameters, the accurate division of finite element meshes is finally achieved.

In finite element simulation analysis software, the commonly used mesh elements
mainly include the following two types: mixed tetrahedral elements and eight-node hexa-
hedral elements [38]. The mesh generation of mixed tetrahedral elements is relatively easy
because its geometric characteristics are linear. However, the mesh division of eight-node
hexahedral elements is more difficult, but it is suitable for deformation analysis and heat
conduction analysis.

In the process of finite element simulation analysis, sometimes the analysis is termi-
nated due to some extreme phenomena, which are mainly due to the serious deformation
of the element mesh. This phenomenon will seriously affect the accuracy of simulation
results and even lead to the termination of the analysis process. To solve this phenomenon,
the grid should be re-divided, that is, the abnormal grid should be divided.

Finite element software enables automatic mesh re-division to deal with mesh distor-
tions [39]. Figure 4a shows the model of the rotating cutter roller after tetrahedral meshing
by finite element software. The model is a rigid body, shell element. Figure 4b is the
titanium chip model after meshing using a hexahedral mesh solid model.

 

Figure 4. Meshing division for the knife roll and titanium chips. (a) Broken knife roller model
(b) Titanium chip model.

A prerequisite for the accuracy of the crushing process in titanium chip crushing
simulation is to obtain an accurate material model. The TC4 titanium alloy was selected
as the titanium chips material. In finite element software, the following parameters need
to be set: material density, elastic modulus, conductivity, Poisson’s ratio, inelastic heat
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share, expansion coefficient, specific heat capacity, Johnson–Cook damage coefficient, and
Johnson–Cook constitutive parameters. See Tables 1 and 2 for the properties of titanium
chip materials. Among them, the Johnson–Cook constitutive model setting parameters can
be obtained by reference [40].

Table 1. Johnson–Cook model setting parameters.

Parameter A (MPa) B (MPa) n C m Melt Temperature (◦C) Transition Temperature (◦C)

TC4 1003.132 1003.510 0.663 0.0137 1 1605 25

Table 2. Property parameters of TC4 titanium alloy material.

Parameter Density
Elastic

Modulus
Conductivity

Poisson’s
Ratio

Inelastic
Heat Share

Expansion
Coefficient

Specific Heat
Capacity

TC4 4.43 × 10−9 108,000 6.8 0.33 0.9 9.0 × 10−6 520,000

Material density: t/mm3, elastic modulus: MPa, conductivity: W/(m·K), expansion
coefficient: 1/◦C, and specific heat capacity: J/(kg·◦C).

The Johnson–Cook failure model parameters d1, d2, d3, d4, and d5 of TC4 titanium
alloy can be obtained by referring to the literature [40]. Table 3 shows the Johnson–Cook
damage parameters used in finite element software.

Table 3. Johnson–Cook damage parameters.

d1 d2 d3 d4 d5 Melting Point ◦C Transition Temperature ◦C
Reference

Strain Rate

−0.197 2.332 3.138 0.034 3.87 1605 25 0.001

The built model is imported into finite element software, given titanium chip material,
and the model is assembled. Through the interaction between the titanium chip and the
crushing roller, the load was applied to the model, and the finite element model was
established and solved.

3. Results and Discussion

3.1. Processing of Simulation Results

In the cutting process, when the tool is in contact with the titanium chip, the titanium
chip first undergoes elastic deformation. With the rotation of the knife roller, the teeth on
the knife roller continuously interact with the titanium chips for the shearing operation.
With this continuous meshing and the shearing process, the accumulated stress on the
titanium chips gradually increases, resulting in plastic deformation of the titanium chips.
Finally, after the stress reaches a certain degree, the titanium chips break.

The crushing process of titanium scraps can be divided into two stages. The first stage
is the initial stage, during which the titanium scraps just begin to contact the crushing
roller teeth, and the stress on the titanium scraps gradually increases. However, the contact
position between the titanium chips and cutter teeth remains in the elastic deformation
stage, with no yield or plastic deformation occurring, as illustrated in Figure 5a; With
the continuous action of external load, the stress concentration at the contact position
gradually increased, the titanium chip was continuously compressed, and yielding and
plastic deformation occurred, as shown in Figure 5b. The second stage is the fracture stage

101



Materials 2025, 18, 1894

of titanium chips. Under the continuous shear extrusion of the crushing roller, the titanium
chips are sheared, and the plastic deformation zone is continuously thinning until the
crushing teeth are fully engaged with another crushing roller. At this time, the titanium
chips are completely fractured, and the stress at the fracture position of the titanium chips
reaches the maximum, as shown in Figure 5c. The unit is continuously removed during the
fracture of the titanium chips, and the two sections are gradually separated while the stress
on the chip gradually becomes less, as shown in Figure 5d.

Ten nodes were selected from each side of the center of the titanium chip fracture
position, and the distance between each two nodes was set to 0.5 mm. According to these
nodes, the respective stress values are calculated, and the point-line diagram is drawn
(as shown in Figure 6). Figure 6 shows the stress distribution of the nodes at the fracture
of titanium chips in the four stages of a-d in Figure 5. It can be seen from the point-line
diagram that when the cutter teeth contacted the titanium chip at the beginning, the stress
fluctuation of the titanium chip was small. With the continuous effect of external load,
when the plastic deformation of the titanium chip began to occur, as shown in Figure 5b,
the stress of the contact point increased rapidly, and the stress on both sides of the central
point decreased with the increase in distance. It can be seen from curves c and d that when
the titanium chip is broken, the stress of the cut titanium chip decreases. At the initial
fracture time, the remaining titanium chip exhibits a stress peak. The maximum stress
on the titanium chips decreases over time, and the stress on each node diminishes with
increasing distance.

Figure 5. Stress cloud chart of the titanium chip fracture process. (a) elastic deformation. (b) plastic
deformation. (c) break. (d) break.

 

Figure 6. Distance–stress curve of the titanium chip fracture process.
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The simulation experiment was carried out on the titanium chip crushing process
under different tooth numbers of cutter rolls and different crushing roll speeds. At the
same moment (the initial moment of plastic deformation), 10 nodes were selected from the
contact position of the cutter teeth and the titanium chip to both sides, and the stress of
each node was extracted. The distance–stress curve is shown in Figure 7. It is found from
the figure that the distance–stress curves under different tooth numbers of cutter rolls are
very similar. It is found from the curve that when the plastic deformation of the titanium
chip begins, the stress at the contact position between the titanium chip and a cutter tooth
increases, and the stress at each node decreases with the increase in distance.

It can be seen from Figure 7b that the stress fluctuation of titanium chips on both sides
of the contact position of different tooth numbers is larger. The stress change in titanium
chips increases with the increase in teeth number, and the curve changing to both sides is
smoother, and the stress change is more stable.

 

Figure 7. Stress distribution of titanium chips under different tooth numbers and rotational speeds.
(a) Different speed. (b) Different number of teeth.

The four figures in Figure 8 correspond to the four curves in Figure 7b. It can be seen
that due to the different number of teeth, the teeth profile structure is also different, which
leads to the different contact areas between the teeth roller and the titanium chip. Due to
the large angle of the blade, some tooth rollers not only contact with the titanium chips
at the tip of the tooth, but also contact with the titanium chips at other positions. This
means that in addition to the force at the tip of the tooth, the titanium chip will also be
subjected to the force of other parts, resulting in a large stress fluctuation on both sides of
the contact point.

 
Figure 8. Contact position of titanium chip and roller teeth.

As shown in Figure 9, the equivalent plastic strain cloud chart of the titanium chip
crushing process at 32 teeth and a rotating speed of 30 rpm is shown. Figure 9a–d
correspond to Figure 5a–d, respectively. It can be seen from Figure 9a that when Step
Time = 0.548, there is no change in the strain cloud chart. This is because the initial contact
between the titanium chip and the crushing roller teeth is at this time. The stress change
in the titanium chip at this time is small. At this time, the titanium chip is in the elastic
change stage, and no plastic strain occurs.
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Figure 9. Equivalent plastic strain during titanium chip breaking. (a) elastic deformation. (b) plastic
deformation. (c) break. (d) break.

Figure 9b under the shearing action of crushing roller teeth, plastic deformation of
titanium chips begins due to the increase in stress. Figure 9c shows that the titanium chip
has been broken and fractured at this time. The plastic deformation at the fracture site
is the largest, and the degree of plastic deformation decreases with the distance to both
sides. After the crushing, the stress of the titanium chip is gradually smaller, and the plastic
deformation is also reduced, as shown in Figure 9d.

Figure 10a shows the peak value statistics of the equivalent plastic strain of the
titanium chip in the process of the titanium chip crushing under different rotational speeds
with the same number of teeth (32 teeth). It can be seen that the peak strain difference
at different speeds is small and there is no obvious fluctuation. Figure 10b shows the
peak value statistics of the equivalent plastic strain of the titanium chip in the process of
the titanium chip crushing under the same rotational speed (30 rpm) and different tooth
numbers. It can be seen that when the tooth number of the crushing roller is 18, the peak
strain is the largest, followed by 20 to 32.

 

Figure 10. Peak statistics of equivalent plastic strain under different conditions. (a) The peak value of
equivalent plastic strain at different rotational speeds with the same number of teeth. (b) The peak
value of equivalent plastic strain under the same rotational speed and different number of teeth.

Four simulation models are established with 18 teeth, 23 teeth, 27 teeth, and 32 teeth at
the same rotational speed. The broken models are measured and counted, and the results
are shown in Table 4.

Through the simulation of the titanium chip crushing process, it is found that the
initial contact position between the titanium chip and the crushing roller is different in the
four groups. Thus, shorter titanium chips were obtained, respectively, 0.5 mm, 2.4 mm,
5 mm, and 7 mm.
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Table 4. Finite element prediction of the effect of different numbers of crushing teeth on the crushing
effect of titanium chips.

Teeth Number Length of Titanium Chip After Breaking/mm

18 0.5 18 19.5 39 49 -
20 2.4 7 28.5 33.5 - -
27 5 7 12 17 19 20
32 5 12 18 19 23.5 17

As shown in Figure 11, the contact position between the initial tool and the titanium
chip is found. It is found that the length of such titanium chips varies greatly, so it cannot
be included in the analysis of the crushing effect of titanium chips.

 
Figure 11. Initial contact position between the tool and a titanium chip.

Under the condition of the same tooth number, the simulation analysis of different
crushing roller speed crushing models is carried out. Statistical analysis of the simulation
results is shown in Tables 5–8.

Table 5. Finite element prediction of the effect of different roller speeds on titanium chip crushing
(18 teeth).

Knife Roller Speed/rpm Length of Titanium Chip After Breaking/mm

18 5.5 27 31 6 - - -
22 13 32 27.5 21.5 - - -
26 6.5 25 27 28.5 - - -
30 24 28 26 27 10 - -

Table 6. Finite element prediction of the effect of different roller speeds on titanium chip crushing
(23 teeth).

Knife Roller Speed/rpm Length of Titanium Chip After Breaking/mm

18 23.5 29.5 30 - - - -
22 4.5 27 29 27 - - -
26 0.5 33 28 31 27 - -
30 0.5 25 30 31 27 - -

Table 7. Finite element prediction of the effect of different roller speeds on titanium chip crushing
(27 teeth).

Knife Roller Speed/rpm Length of Titanium Chip After Breaking/mm

18 9 18.5 19.5 19.5 - - -
22 18.5 19 18.5 19.5 18.5 17.5 -
26 18.5 19.5 19.5 19 18 14.5 -
30 1.5 18.5 18 17.5 18 19.5 16.5
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Table 8. Finite element prediction of the effect of different roller speeds on titanium chip crushing
(32 teeth).

Knife Roller Speed/rpm Length of Titanium Chip After Breaking/mm

18 5 15.5 14.5 17 16.5 - - -
22 2 16.5 15.5 16 15.5 16 - -
26 1.5 16.5 16.5 16 16 16 17 8
30 1.5 16 15.5 17 16.5 16 17 7.5

It is also found that due to the different initial contact positions between the tool and
the titanium chip, the shorter titanium chips are produced at the beginning, and similarly,
shorter titanium chips are produced after the titanium chip is broken. The crushing length
of such titanium chips is not stable, which cannot be used as a basis for analyzing the
crushing effect of titanium chips.

3.2. Effect of Different Model Parameters on Titanium Chip Crushing

The above simulation results were processed to remove the obvious deviation re-
sults, and the remaining values were averaged, and the point-line diagram was drawn.
Figures 12a and 12b, respectively, show the influences of different tooth numbers and
different crushing roll speeds on the titanium chip crushing effect.

Figure 12. The influence of tooth number and rotational speed on the crushing effect of titanium
chips. (a) The influence of tooth number on the crushing effect of titanium chips. (b) The effect of
rotational speed on the crushing effect of titanium chips.

It can be seen from Figure 12a that with the increase in the number of crushing roller
teeth, the crushing effect of titanium chips gradually becomes better, and the length of
titanium chips after the crushing becomes shorter. It can obviously be found that with the
increase in the number of teeth, the length of titanium chips after crushing changes more
obviously. When the model was established, it was assumed that the top circle and the
teeth and root circle of all crushing rollers were identical. Consequently, as the number of
teeth increases, the distance between the adjacent teeth decreases. This implies that the
length of crushed titanium chips diminishes with a reduced tooth distance, resulting in a
more effective crushing effect.

It can be considered that the length of crushed titanium chips decreases as the distance
between the two teeth decreases and the crushing effect becomes increasingly effective.

As can be seen from Figure 12b, when the number of crushing roller teeth is constant,
the speed of the crushing roller has negligible impact on the length of titanium chips after
crushing. When the rotational speed varies for each tooth number model, the length of the
crushed titanium chips does not change significantly, suggesting that the rotational speed
has little influence on the crushing effect of titanium chips.
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4. Parameter Optimization of Double-Teethed Roll Crusher Based on
Response Surface Method

In the process of titanium scrap crushing production, there are many factors that affect
the crushing effect of titanium scraps. Among them, the number of teeth of the rotating cutter
roller, the rotation speed of the cutter roller during the processing, and the angle of the tip of the
broken teeth are directly related to the crushing effect of titanium scraps. The response surface
optimization test is combined with the finite element simulation test. The number of teeth of
the cutter roller, the speed of the cutter roller, and the angle of the tool tip are the influencing
factors of the test. The average value of the broken length of the titanium scraps after crushing
is used as the response value. By establishing the regression curve between the test factors and
the response value, the influence of the test factors on the response value was analyzed.

The BBD experimental design method was used in this titanium chip crushing test.
There are three factor values, and the actual values are presented in the design table. The
experimental design scheme is shown in Table 9. In the test table, the fourth group, the
sixth group, the tenth group, the fourteenth group, and the fifteenth group were the central
group. To reduce the test error, the central group was repeated five times. In this response
surface test, the number of teeth of the crusher was 22 to 30, the speed of the crushing
teeth roller was 22 rpm to 30 rpm, and the angle between the crushing teeth was 60◦ to 90◦.
Based on these, the finite element simulation test parameters of the double-teethed roller
crusher are determined as shown in Table 9.

The simulation calculation is carried out according to the test scheme. The Box-Behnken
response surface quadratic nonlinear model was established, and the variance analysis and
significance test were carried out. The model determination coefficient is R2 = 0.9915, and the
coefficient of variation is C.V = 2.88%. Table 10 shows the variance analysis of the crushing length
of titanium chips. P and F are two important measurement parameters in the table. The p value
is an index to measure the difference between the control group and the experimental group.
When the p value is less than 0.1, the difference between the two groups is very significant. The
larger the F value, the higher the significance of the selected model. From Table 10, one can see
that the F value of the selected quadratic nonlinear model is 35.29. According to the previous
description, the larger the F value, the more significant the model is. According to p < 0.0001,
the probability that the accuracy of the model is affected by error is low. The F value of the first
term A is 148.78, and the p value is less than 0.0001, indicating that the number of teeth has a
significant effect on the response value.

Table 9. Test design scheme.

Numbering

Experimental Factors Response Target

A: Teeth
Number

B: Revolution
Speed/rpm

C: Angle/◦ f : Average Length of
Titanium Chips/mm

1 26 30 90 17.8
2 22 22 75 27
3 30 30 75 16.3
4 26 26 75 18.2
5 30 26 60 17
6 26 26 75 18.2
7 30 26 90 16.3
8 26 22 60 18.6
9 30 22 75 15.9
10 26 26 75 18.2
11 26 30 60 18.1
12 26 22 90 18.4
13 22 30 75 26.3
14 26 26 75 18.2
15 26 26 75 18.2
16 22 26 60 27
17 22 26 90 26.8
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The regression equation with the average length of titanium chips after crushing as
the response index is obtained by fitting:

f = 0.2102A2 − 0.0117B2 + 0.0009C2 + 0.0172AB − 0.0020AC−
0.0004BC − 12.5187A + 0.1500B − 0.0883C + 200.2125

(1)

Figure 13 shows the response surface model of the mean length of titanium chips
after the crushing. From the figure, it can be seen that the number of teeth of the crushing
roller is the most significant factor affecting the crushing length of titanium chips, among
all the design parameters, and the length of titanium chips after crushing decreases with
the increase in the number of teeth, but the length of titanium chips is not sensitive to the
change in the speed of the crushing roller and the angle of the tool tip.

Table 10. Variance analysis of titanium chip length.

Type
Sum of
Squares

Degree of
Freedom

Mean Square
Deviation

F p

Model 163.92 9 18.21 35.29 <0.0001 Significant
A 148.78 1 148.78 288.30 <0.0001 -
B 2.65 1 2.65 0.61 0.44 -
C 3.78 1 3.78 7.33 0.0303 -

AB 1 1 1 1.94 0.2065 -
AC 1.56 1 1.56 3.03 0.1254 -
BC 0.25 1 0.25 0.48 0.5089 -
A2 5.69 1 5.69 11.03 0.0128 -
B2 0.35 1 0.35 0.67 0.4386 -
C2 1.85 1 1.85 3.58 0.1003 -

Residual error 3.61 7 0.52 - - -
Misfit term 0.31 3 0.11 0.13 0.9397 Non-significant

Pure differences 3.3 4 0.82 - - -
Summation 167.53 16 - - - -

Figure 13. Response surface diagram of the average length of titanium chips after crushing.
(a) Rotation speed and number of teeth. (b) Angle and number of teeth. (c) Angle and rotation speed.

Taking the length of broken titanium chips as 20 mm as the optimization goal, the
obtained regression equation is optimized. The mathematical model established according
to the actual situation is as follows:

Y = min f (A, B, C) (2)

After the calculation, the optimal solution of each parameter is A = 27.25, B = 22 rpm,
and C = 90◦; since the parameter A is the number of crushing teeth of the crusher, it must
be an integer, so the optimal parameter A = 26 of the crusher is selected by the nearest
principle. The optimized design parameters of the crusher were used to model the crushing
teeth roller of the double-teethed roller crusher, and the finite element simulation was
carried out. The average value of the simulation results was statistically averaged. The
average length of the titanium chips after the crushing was 22.88 mm, and the error with
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the response surface optimization target was 0.055, which further verified the accuracy of
the optimization results.

5. Experiment

Figure 14 shows a small double-tooth roller crusher with 26 teeth, including a motor,
switch, feed inlet, knife roll, and comb plate. The TC4 titanium alloy chips were crushed
by double teeth roller crusher, and the working speed of the crushing test machine was
18 rpm.

Figure 14. Double-tooth roller crusher for experiment.

Figure 15 shows the broken titanium chips. The test results show that titanium chips
can break well.

 

Figure 15. Length comparison of titanium chips before and after crushing.

Figure 15 presents the length comparison of titanium chips before and after the
crushing process. As illustrated in the figure, the length of titanium chips prior to crushing
surpasses 300 mm, with some reaching approximately 350 mm. Conversely, the length
of the crushed titanium chips is about 25 mm. The experimental results are in excellent
accordance with the finite element simulation results, thereby providing a solid foundation
for the simulation.

6. Conclusions

Taking the TC4 titanium alloy ribbon-cutting chips (titanium chips) as the processing
object, the double-tooth roller crusher model was established. Through the finite element
crushing simulation, the influence of different broken roller tooth numbers and different
broken roller speeds on the titanium chip crushing effect was systematically studied. The
following conclusions can be drawn:
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(1) Through the finite element simulation experiment, the stress change in the process
of titanium chip breaking is obtained, and the stress change cloud diagram of the
titanium chip from the initial contact position to the end of complete fracture is
obtained. The stresses on the titanium chips in the simulation experiments with
different numbers of teeth and different speeds were compared and analyzed, and it
was found that as the number of teeth increased, the stresses on the chips changed
more smoothly towards the sides and the stresses changed more stably.

(2) The influence of the number of crushing roller teeth and the speed of the crushing
roller on the crushing effect of titanium chips was predicted by finite element simula-
tion. The results show that with the increase in the number of teeth of the crushing
roller cutter, the length of the broken titanium chip decreases gradually, and with the
increase in the number of teeth, the crushing effect is more obvious. With the increase
in the rotational speed of the knife roller, the processing speed of titanium chips
becomes higher. That is, the number of cutter teeth has great influence on the length
(particle size) of the titanium chip after the crushing, and the rotational speed of the
cutter roller has little influence on the crushing particle size but has great influence on
the working efficiency of titanium chip crushing.

(3) With the production of titanium chip crushing and the particle size of titanium chip
after the crushing as the processing objectives, the number of cutter teeth and the
rotational speed of the cutter roller can be adjusted to select the appropriate tool
parameters and then provide the processing efficiency.

(4) The experimental design for optimizing the design parameters of the double-tooth
roller crusher using response surface methodology revealed that the number of crush-
ing roller teeth is the most significant factor affecting the titanium chip fragmentation
length among all design parameters. Furthermore, the length of the crushed titanium
chips decreases with an increase in the number of teeth, while the chip length is
insensitive to changes in the crusher roller speed and cutting edge angle. The optimal
design parameters for the crusher were determined to be 27 teeth for the crushing
roller, a roller speed of 22 r/min, and a cutting edge angle of 90◦.
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Abstract: Refractory metal-based Mo-Si-B alloys have long been considered the most
promising candidates for replacing nickel-based superalloys in the aerospace and energy
sector due to their outstanding mechanical properties and good oxidation of the Mo-silicide
phases. In general, the addition of vanadium to Mo-Si-B alloys leads to a significant density
reduction, while small amounts of titanium provide additional strengthening without
changing the phase evolution within the Moss-Mo3Si-Mo5SiB2 phase field. In this work,
high-energy ball milling studies on Mo-40V-9Si-8B, substituting both molybdenum and
vanadium with 2 and 5 at. % Ti in all constituents, were performed to evaluate the potential
milling parameters and investigate the effects of Ti doping on the milling characteristics
and phase formation of these multicomponent alloys. After different milling durations,
the powders were analysed with regard to their microstructure, particle size, oxygen
concentration and microhardness. After heat treatment, the silicide phases (Mo,V)3Si and
(Mo,V)5SiB2 precipitated homogeneously within a (Mo,V) solid solution matrix phase.
Thermodynamic phase calculations using the CALPHAD method showed good agreement
with the experimental phase compositions after annealing, confirming the stability of the
observed microstructure.

Keywords: Mo-Si-B; mechanical alloying; lattice parameter; microstructure; heat treatment

1. Introduction

The potential for improving nickel-based superalloys, currently used in jet engines and
power plants, is severely limited due to their comparatively low melting temperature [1].
Therefore, molybdenum–silicide alloys, which not only satisfy requirements like high
melting temperature and acceptable density but also exhibit appropriate oxidation and
creep resistance, have increasingly come into scientific and industrial focus during the
last few decades [1,2]. Promising candidates for replacing nickel-based superalloys in the
aerospace and energy sector are multiphase Mo-Si-B alloys, pioneered by Berczik [3,4].

It is well known that Mo-Si-B alloys with a continuous α-Mo matrix (Moss) and em-
bedded, homogeneously distributed silicide phases (Mo3Si and Mo5SiB2) provide the best
combination of mechanical properties and oxidation resistance [5–8]. Such a microstructure
can be realized via mechanical alloying (MA) and subsequent sintering and/or different
methods for powder compaction. Mechanical alloying is a solid-state process in which a
very homogeneous and fine microstructure can be produced using high-energy ball milling,
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which might lead to non-equilibrium states [9]. The principle is essentially based on re-
peated fracture and cold-welding processes of the individual powder particles [10]. The
progress of mechanical alloying of powders primarily depends on the chosen milling pa-
rameters, especially the milling duration and the rotational speed. Krüger et al. [8] showed
that a treatment of at least 20 h in a planetary ball mill PM400 with 200 rpm is necessary for
Mo-Si-B alloys to achieve the above-mentioned type of microstructure during subsequent
heat treatment. Likewise, some characteristic powder parameters change with milling
time, such as lattice parameter, microstrain, particle size and microhardness [8,11–13].
These parameters dictate the milling progress, and they have a significant impact on the
microstructure of the powders and the consolidated bulk material.

One disadvantage of Mo-rich Mo-Si-B alloys is their high density [2]. An interesting
approach for reducing alloy density is to add lighter elements compared to Mo like Al, Cr,
Ti and V. However, it was shown that larger amounts of Al, Cr and Ti in Mo-Si-B alloys
lead to a reduction in the Mo solid solution fraction [14–16]. Becker et al. [17] were able to
show that the addition of 40 at. % V to powder metallurgically processed (PM) Mo-9Si-8B
alloys leads to a density reduction of approximately 17%. This phenomenon is directly
related to the high solubility of V in Mo and the respective Mo-silicides, while V has only a
minor influence on the phase fractions of the Moss-Mo3Si-Mo5SiB2 phase field. Apart from
this, the addition of V significantly affects the mechanical properties of Mo-Si-B alloys.

Becker et al. [18] obtained slightly higher hardness values after the addition of 5 at. %
V to Mo, which was attributed to the relatively weak lattice distortion caused by the vana-
dium atoms. In addition, the PM alloy Mo-40V-9Si-8B exhibits comparatively high room-
temperature fracture toughness values of approximately 13.3 MPa

√
m, although these

alloys have significantly higher oxygen concentrations due to the oxygen-contaminated V
raw powder and the high affinity of V for oxygen [17]. It must be noted that Mo tends to
significantly embrittle when oxygen is dissolved in the crystal lattice, even at low concen-
trations of around 10 ppm [19]. Although the brittle silicide phases in Mo-40V-9Si-8B and
Mo-9Si-8B are similarly distributed, the addition of V results in a higher fracture toughness,
which is due to both the slightly increased volume fraction of the tough Moss phase and
its size [7,17]. Unfortunately, the addition of high V concentrations to Mo-Si-B alloys also
has an impact on the high-temperature mechanical properties, leading to a reduction in
high-temperature compressive strength and creep resistance, as shown in [17].

Another promising alloying element in Mo-Si-B alloys is Ti, which will also reduce
alloy density and at the same time has the potential to additionally strengthen the material
via solid solution strengthening and second-phase or particle strengthening. Mo-Si-B
alloys with Ti additions above 20 at. % are already well studied [20–22], with high Ti
concentrations leading to the formation of the (Mo,Ti)5Si3 phase instead of the Mo3Si
phase.

However, there is less information about the influence of low Ti concentrations (up to
5 at. %) in these materials. Inoue et al. [23] found that doping Mo with 1.0 and 1.5 mass% Ti,
which were carburized via two-step heat treatment, leads to an improvement in hardness
as a result of solid solution hardening. A similar conclusion was drawn by Becker et al. [18],
who showed that the hardness of arc-melted Mo-5Ti is significantly higher compared to
pure Mo due to solid solution hardening. According to Fan et al. [24], small amounts of
Ti are sufficient to increase the tensile strength of pure Mo, since Ti forms a solid solution
with Mo in a large solubility range up to 100 at. %, while at lower temperatures, the BCC
solid solution will transfer to an HCP solid solution at higher Ti concentrations according
to the phase diagram shown in [25]. In this context, it was shown that the addition of TiH2
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to Mo powders during mechanical alloying has a higher impact on the tensile strength than
the addition of pure Ti.

These observations align with more recent studies which also highlight the beneficial
role of low Ti concentrations in Mo-based alloys. Hu et al. [26] demonstrated that even
small amounts of Ti (0.5 wt.%) can significantly refine the grain size in pure Mo, enhance
densification during sintering, and reduce oxygen impurity levels through the in situ
formation of fine TiO2 or Ti8O15 particles. These oxide particles also act as effective
grain boundary pinners, contributing to improved mechanical properties. Similarly, Choi
et al. [27] reported that Ti additions in Mo-Si-B alloys led to partial solid solution formation
within the Mo matrix and promoted the formation of intergranular TiO2, which influences
fracture behaviour. Despite a moderate decrease in toughness, titanium proved effective in
refining the microstructure and reducing oxygen levels, underlining its functional relevance
even at minor concentrations.

While elemental Ti has shown these beneficial effects, TiH2 is considered even more
suitable for powder-based processing routes, as its brittle nature promotes homogeneous
dispersion within the Mo matrix during milling. During subsequent heat treatment, the
hydrogen volatilizes and a Mo-Ti solid solution forms. The addition of TiH2 accelerates
solid solution formation, since the smaller particle size of this compound reduces the
diffusion paths of the decomposed Ti [24]. In addition, the H2 of the decomposed TiH2

can react with oxygen dissolved in the alloy to form H2O, which is then evaporated in the
atmosphere. This reaction can effectively lower the oxygen concentration in the alloy [28].
Simultaneously, the gettering of oxygen is achieved by Ti at temperatures higher than 700
◦C, reducing the free oxygen concentration in the material by forming Ti oxides, and is no
longer reactively available in this form [29].

While previous studies have extensively addressed the mechanical alloying of Mo-Si-B
alloys with vanadium as a major alloying element [17] and others have focused on high Ti
contents (>20 at. %) leading to the formation of (Mo,Ti)5Si3 phases [20–22], the effects of
small Ti additions (≤5 at. %) in combination with V remain largely unexplored. This study
therefore introduces a novel alloying approach by combining Ti and V via TiH2-assisted
mechanical alloying, with particular emphasis on phase evolution, particle size behaviour
and oxygen uptake. The results are benchmarked against undoped and solely V-doped
reference systems to systematically evaluate the influence of minor Ti additions.

2. Material and Methods

Elemental powders of Mo, V, Si, B and TiH2 of 99.95%, 99.5%, 99.5%, 98% and 99.5%
purity, respectively, were used to produce different Mo-V-Si-B(-Ti) alloys via a multi-step
powder metallurgical process. The elemental powders had different average particle sizes
of 4 μm (Mo), 38 μm (B) and 44 μm (V, Si, TiH2). Mechanical alloying was carried out
in a planetary ball mill (Retsch® PM 100, Retsch, Haan, Germany) with a powder-to-ball
weight ratio of 1:13 and a rotational speed of 300 rpm. Weighing, mixing and powder
removal (after 1, 2, 5, 10 and 20 h of milling) were performed in a glovebox under protective
argon atmosphere in order to keep the oxygen concentration in the powders as low as
possible. In this study, stainless steel vials and balls (d = 10 mm) were used. In the first
step, a milling study for the Mo-40V-9Si-8B alloy was carried out. In the second step,
2 at. % and 5 at. % Ti was added to this alloy composition to vary either the Mo or V
concentrations (Mo-40V-9Si-8B-2Ti, Mo-40V-9Si-8B-5Ti, Mo-38V-9Si-8B-2Ti and Mo-35V-
9Si-8B-5Ti). The mechanically alloyed powders obtained from the five milling studies were
then characterized as a function of milling time.
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The powders, finally milled for 20 h, were subjected to heat treatment under vacuum
at 1400 ◦C for 1 h using a tube furnace (HTM Reetz LORA 1700-80-330-1, HTM Reetz
GmbH, Berlin, Germany) and characterized as described above. Field-assisted sintering
(FAST) of the mechanically alloyed powders was carried out in a hot press HP D (FCT
System GmbH, Frankenblick, Germany) at the Karlsruher Institute of Technology (KIT).
For the process, a heating rate of 100 K/min and a holding time of 15 min at 1100 ◦C and
1500 ◦C were chosen. The sintering process was performed under vacuum (<10 bar) and a
uniaxial pressure of 50 MPa.

The quantitative phase analysis of the mechanically alloyed powders was performed
with powder X-ray diffraction (XRD) using a D8 Discover X-ray diffractometer with Bragg–
Brentano reflection geometry (Bruker-AXS GmbH, Karlsruhe, Germany). The diffractome-
ter was equipped with an Eiger2 detector operating in 1D mode, as well as a 0.6 mm fixed
divergence slit and 2.5◦ primary and secondary soller slits as optical components. The
diffracted intensities were recorded between 10◦ and 160◦ 2θ using Co Kα1,2 radiation;
Kβ radiation was removed via a 10 μm Fe foil placed in front of the detector opening.
The obtained powder patterns were analysed by following the Rietveld technique using
TOPAS V6 software (Coelho Software, Brisbane, Australia/Bruker-AXS) [30,31]. The Mo/V
ratio in the identified BCC solid solution phases was determined from their respective unit
cell volume under application of Vegard’s law [32]. A calibration curve was calculated
from literature data of Mo, V and Mo-V solid solution phases obtained from the Crys-
tallographic Open Database (COD) [33]. Besides the phase composition, the microstrain
ε0 was determined for each phase from the reflection profiles. The contribution of the
instrument to the reflection profiles was determined from a measurement of the NIST
660a standard (LaB6) using the Fundamental Parameter Approach [34,35]. The diffrac-
tograms were treated using the Fundamental Parameter Approach (FPA). An instrument
function, describing the influence of the diffractometer on reflection shape, was determined
from a reference measurement of the NIST 660a material (LaB6). This instrument function
contained parameters describing the emission profile of the X-ray source, slits and axial
divergence. Sample-related reflection broadening was treated using macros for size and
strain broadening, where applicable.

Microstructures after different milling durations were characterized using an SEM
(FEI ESEM XL30 FEG/Philips equipped with EDS, Hillsboro, OR, USA) and Zeiss EVO 15
(equipped with EDS, Carl Zeiss Microscopy GmbH (Jena, Germany) equipped with EDS,
Oberkochen, Germany) in SE mode. For this purpose, the samples were first mounted
in a cold embedding material (Technovit 4071, Heraeus Kulzer, Wehrheim, Germany)
and then wet-ground (600, 1200, 2500 grit SiC paper) and polished (3 μm and 1 μm
diamond suspension).

Measurements of particle size and particle size distribution were analysed using
laser diffraction analysis (Mastersizer® 2000, Malvern Panalytical, Malvern, UK) with
water as the dispersion medium and evaluation of the results according to the Fraunhofer
diffraction theory.

Determination of the oxygen concentration of the pure powders and the mechanically
alloyed powders was achieved by using the ON/H-mat 286 analyser (G8 GALILEO, Bruker,
Viersen, Germany).

Microhardness tests were conducted by using a Micro-Duromat 4000 E device
(Reichert-Jung, Depew, NY, USA) on the embedded powder particles. For these tests,
it is necessary to have a sufficient distance between the hardness indentation and the
boundary of the particles in order to keep the influence of the embedding material on mi-
crohardness as low as possible. Since the particles are relatively small, the applied load was
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set to 0.1 N, which was applied for 10 s using a load rate of 0.01 N/s. The indentations were
measured manually with ImageJ software (Version 1.54p), and the Vickers hardness value
was calculated from the mean value of the two diagonals for a minimum of 15 indentations.

The mean centre-to-centre spacing between silicide phases was estimated using a
simple stereological relation:

λ = d·
(

1 − f
f

)1/3
(1)

where d is the average silicide width and f is the silicide volume fraction.
The theoretical density was calculated based on the phase fractions (ωi) and densities

(ρi) obtained from the Rietveld refinement. Subsequently, the overall density of the multi-
phase material was determined using the inverse rule of mixtures, as follows:

ρtheo =

(
∑

i

ωi
ρi

)−1

(2)

The density of the FAST alloys Mo-40V-9Si-8B and Mo-40V-9Si-8B-5Ti was measured
by using Archimedes’ method with an analytical balance (Sartorius, Göttingen, Germany)
at 20 ◦C, whereby each specimen was measured three times.

Using the CALPHAD (Calculation of Phase Diagram) method to develop the Mo-Si-B-
V database, each phase of the system was modelled with a separate Gibbs energy expression
as a function of temperature T and pressure p. These models contain parameters obtained
by fitting experimental and theoretical data. A detailed description of the CALPHAD
method is given in [36].

For a multicomponent system, thermodynamic data on its constituents (i.e., pure
elements) as well as all of the subsystems included are required. In the present case, the
quaternary Mo-Si-B-V system contains six binary and four ternary subsystems in addition
to pure elements. Available experimental and theoretical literature data were utilized while
modelling multicomponent phases. It has to be mentioned that neither experimental nor
theoretical data for the two ternary subsystems Mo-Si-V and Mo-B-V are available in the
literature. Taking this shortcoming into account, the database in its current state does
not provide a full description, especially for the B- and Si-rich alloys within the Mo-Si-
B-V system. Since Mo- and V-rich alloys are of primary interest in the present study, the
thermodynamic modelling can be considered a first rough estimation of phase equilibria in
the quaternary system. FactSage 8.2 software was used for thermodynamic calculations.

3. Results

3.1. X-Ray Diffraction (XRD) Measurements

Since the diffractograms of the investigated alloys are largely similar, Figure 1 provides
a representative example, displaying the X-ray diffractograms of the Mo-40V-9Si-8B and
Mo-40V-9Si-8B-5Ti alloys at different milling times. As milling time increases, reflection
broadening becomes more pronounced due to the high concentrations of V, Si and B, as well
as Ti in the case of the Ti-alloyed powders, within the molybdenum lattice. Additionally,
the reflections of molybdenum (approx. 47◦) and vanadium (approx. 49◦) in the lower
2θ range merge within the first hours of mechanical alloying, indicating the progressive
dissolution of vanadium into the Mo solid solution (Moss). It is noteworthy that Mo
and V can be entirely dissolved. However, the addition of small amounts of Ti to Mo-
40V-9Si-8B does not noticeably affect the position of the reflections. It can be seen that a
supersaturated Mo(V,Si,B) and Mo(V,Si,B,Ti) solid solution formed after 20 h of milling,
where Si, B and Ti are dissolved quite quickly in the Mo solid solution during mechanical
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alloying. Diffraction patterns of the individual elements disappear even at the beginning of
the mechanical alloying process, and the most significant Si pattern cannot be detected after
1 h of milling. These results are in agreement with those of Becker et al. [17] on similarly
treated Mo-40V-9Si-8B.

Figure 1. X-ray diffractograms of (a) Mo-40V-9Si-8B and (b) Mo-40V-9Si-8B-5Ti powders after
different milling durations and after heat treatment at 1400 ◦C for 1 h, showing the progress of
mechanical alloying and the phase evolution in the as-milled powders.

Rietveld refinement reveals the existence of two solid solution phases for the milled
samples: a V-rich V(Mo)ss solid solution phase in which molybdenum is dissolved and a
Mo-rich Mo(V)ss solid solution phase in which V is dissolved. Table 1 presents a comparison
of the evolution of the lattice parameter, microstrain (ε0) and phase fraction of the two
solid solutions, with exemplary values shown for 2, 10 and 20 h of milling. With increasing
milling time, the lattice parameter of Mo(V)ss decreases, starting from a value of 3.147 Å for
pure Mo, while the lattice parameter of V(Mo)ss increases, starting from a value of 3.024 Å
for pure V. During mechanical alloying, the values of the lattice parameters converge
according to Table 1, but two solid solution phases can still be detected, even after milling
for 20 h. The large difference in the lattice parameters of the Ti-doped powders is attributed
to this effect, which means that the progress of solid solution formation is slower compared
to the Ti-free alloys. This indicates that longer milling durations must be foreseen to entirely
homogenize the Ti-containing powders.

The microstrain in V(Mo)ss increases from approximately 3.5 × 10−3 after 2 h up to
values ranging between 7 × 10−3 and 13.2 × 10−3 after 20 h of milling. In contrast, the
microstrain in Mo(V)ss is slightly higher at 2 h (around 5 × 10−3) but decreases after 20 h,
ranging between 4.88 × 10−3 and 8.9 × 10−3. The increase in microstrain can be related
to the high plastic deformations occurring during mechanical alloying due to the high-
energy collision between milling balls and powders. Consequently, the dislocation density
increases, leading to a higher degree of lattice defects in the microstructure [8,37,38].

The phase fraction of Mo(V)ss initially increases but then decreases between 10 and
20 h of milling for all investigated alloys. On the other hand, the phase fraction of V(Mo)ss

continuously increases over the entire milling time. As expected, the phase fraction of pure
Mo decreases, but after 20 h of milling there is still residual Mo left, which is not dissolved
during the milling process, and therefore, a complete (Mo,V) solid solution has not yet
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formed. This incomplete dissolution, as evidenced by residual Mo reflections in the XRD
pattern, may be attributed to the lower energy input of the PM100 planetary mill used in
this study. Compared to the PM400 planetary mill used in prior studies [17], the PM100
mill employed here has a smaller sun wheel radius, which leads to reduced kinetic energy
transfer during milling, despite the higher rotation speed. As the kinetic energy imparted
to the powder is proportional to the square of the radius and rotation speed (E ∝ R2·ω2),
the total energy input per unit powder mass is significantly lower in the present setup. This
reduced energy input likely contributes to the incomplete dissolution of Mo observed after
20 h and indicates that either a higher energy milling setup or prolonged milling duration
may be necessary for full alloying.

Previous investigations using the PM400 mill (Becker et al. [17]) reported complete
Mo dissolution under similar milling durations. In the present study, the lower energy
input of the PM100 mill likely limited the degree of Mo dissolution, despite the relatively
long milling time of 20 h. Therefore, increasing the milling energy by using a higher rota-
tional speed is expected to be more effective than merely extending the milling duration.
Nevertheless, care must be taken to avoid negative side effects such as powder agglom-
eration, contamination or excessive work hardening, which may arise under high-energy
milling conditions.

The concentration of V in Mo(V)ss and Mo in V(Mo)ss increases during milling, indi-
cating the complete solubility of V in Mo and vice versa. The decrease in Mo concentration
in the V(Mo)ss phase between 10 and 20 h in Mo-40V-9Si-8B and Mo-35V-9Si-8B-5Ti, but not
in the other alloys, suggests inhomogeneous milling progress in the mechanically alloyed
powder batch. Initially, Mo dissolves into V(Mo)ss, but extended milling likely induces
local supersaturation, promoting partial Mo segregation from the solid solution without
distinct phase formation. In Mo-35V-9Si-8B-5Ti, the high Ti concentration may enhance
Mo displacement from the V(Mo)ss phase, while in the alloys with 2 at. % Ti, the solubility
limit is not exceeded, preventing Mo depletion from V(Mo)ss. After 20 h, a steady state
is reached, stabilizing the Mo concentration in the V-based solid solution. At this stage,
the degrees of Mo and V dissolution in their respective solid solutions are nearly identical,
except for the Mo-40V-9Si-8B alloy. This suggests that Mo and V dissolve in their respective
lattice to a similar extent, which is more pronounced for the Ti-doped alloys.

After heat treatment of the mechanically alloyed powders at 1400 ◦C for 1 h
under vacuum, the two silicide phases (Mo,V)3Si/(Mo,V,Ti)3Si (A15 structure) and
(Mo,V)5SiB2/(Mo,V,Ti)5SiB2 (D8l Structure) are formed and embedded in the
(Mo,V)ss/(Mo,V,Ti)ss matrix phase (BCC, A2 structure). It is important to note that the
silicide phases (Mo,V)3Si and (Mo,V)5SiB2 were only observed after the annealing step and
were therefore not included in Rietveld refinement of the as-milled powders. While the
main reflections of the matrix and silicide phases are visible after heat treatment, some
reflection overlap remains, particularly between the (Mo,V)3Si and (Mo,V)5SiB2 phases, due
to their partially overlapping diffraction angles and similar scattering intensities. Neverthe-
less, both were included as separate phases in Rietveld refinement using well-established
crystal structures. The formation of these silicides indicates that Si and B are primarily
responsible for the precipitation of the A15 and D81 phases during annealing, while V
and Ti remain partially dissolved in all three phases. Finally, no additional phases were
detected in Ti-doped samples, suggesting that Ti has no significant influence on the overall
phase evolution during post-alloying heat treatment.

The lattice parameter of (Mo,V)ss for the Mo-40V-9Si-8B alloy slightly increases after
heat treatment compared to the as-milled state because some of the V and Si diffuse out of
the (Mo,V)ss to form the two silicide phases (Table 2). Vanadium (134 pm), being slightly
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smaller than Mo (139 pm), may reduce the lattice parameter upon diffusion, leading to a
more compact atomic arrangement. In contrast, Si has a significantly smaller atomic radius
(111 pm) and a strong tendency to form silicide phases, further depleting the solid solution
and potentially causing additional contraction. However, since Mo is larger than both V and
Si, its increased concentration in the solid solution is likely to result in moderate expansion
of the lattice parameters of (Mo,V)ss. In the Ti-doped alloys, the lattice parameter slightly
decreases due the slightly larger atomic radius of Ti (147 pm) compared to Mo, which
consequently contributes to a higher lattice parameter of Mo(V)ss after mechanical alloying.
During heat treatment, some of the Ti diffuses from the supersaturated Mo(V)ss and is
dissolved in the respective silicide phases, causing a slight decrease in the lattice parameter.

However, the X-ray diffractograms in Figure 1 appear visually unchanged, as the
reflex shift remains below the resolution limit of the XRD analysis. In the Mo-substituted
alloys Mo-40V-9Si-8B-2Ti and Mo-40V-9Si-8B-5Ti, the phase fraction of the (Mo,V)ss matrix
phase slightly decreases with the addition of Ti, while the phase fraction of the two silicides
increases. For the V-substituted alloys Mo-38V-9Si-8B-2Ti and Mo-35V-9Si-8B-5Ti, however,
there is no significant change regarding the phase fractions compared to the Mo-40V-9Si-
8B alloy.

A comparison of the obtained experimental data with the theoretical results calculated
using the self-developed thermodynamic database for a quaternary alloy system Mo-Si-B-V
is performed. According to the theoretical assessment, the calculated equilibrium phase
composition of the alloy Mo-40V-9Si-8B at 1400 ◦C yields 60.1, 21.3 and 18.5 wt.% for
(Mo,V)ss, (Mo,V)3Si and (Mo,V)5SiB2, respectively. These results are in good agreement
with the experimental values given in Table 2. In order to further confirm the validity of
the developed database in a wider concentration range of V, a comparative analysis of the
calculated phase composition for Mo-xV-9Si-8B alloys with different V contents (x = 10, 20,
30 and 40 at. %) at 1400 ◦C and the experimental data [17] is performed (see Figure 2a).
A very good agreement is obtained for 10 and 20 at. % V, while a slight deviation (up to
5 wt.%) is observed for 30 and 40 at. % V.

 

Figure 2. (a) The calculated (calc) and experimentally (exp) observed [17] equilibrium phase com-
position of Mo-xV-9Si-8B (x = 10, 20, 30 and 40 at. %) at 1400 ◦C. Note: experimental data for 10, 20
and 30 at. % V are taken from Becker et al. [17] and correspond to measurements at 1300 ◦C, while
the 40 at. % V data were obtained in this study at 1400 ◦C. (b) The calculated equilibrium phase
composition of Mo-xV-9Si-8B (x = 0, 10, 20, 30 and 40 at. %) in the temperature range 1200–1600 ◦C.
The data for the V-free alloy Mo-9Si-8B comply with the thermodynamic assessment of the Mo-Si-B
system presented in [39].
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Figure 2b shows the calculated phase composition of the alloy Mo-xV-9Si-8B (x = 0, 10,
20, 30 and 40 at. %) in the temperature range 1200–1600 ◦C. Three-phase equilibria over the
temperature range 1200–1600 ◦C are expected for all alloys analysed. The change in the
phase composition with increasing temperature follows the same trends: the content of the
BCC phase increases, the amount of the A15 phase ((Mo,V)3Si) changes not significantly,
and, consequently, the amount of the T2 phase ((Mo,V)5SiB2) decreases. The essential impli-
cation of the diagram shown in Figure 2a is that the V additions—at least up to 40 at. %—do
not notably alter the phase equilibria in the given temperature range. It can, therefore, be
anticipated that the microstructure of the V-containing alloys resembles the microstructure
of the Mo-9Si-8B counterpart, as proposed above. Moreover, the increasing temperature up
to 1600 ◦C exhibits a negligibly small effect on the phase equilibria, suggesting a highly
stable microstructure.

While the thermodynamic calculations presented in this study show good agreement
with the experimental results, it must be emphasized that the available thermodynamic
descriptions for the Mo-Si-B-V quaternary system are still limited due to the lack of com-
prehensive experimental data, particularly in the Mo-B-V and Mo-Si-V subsystems. As
the Mo-Si-B-V alloy system is relatively novel, existing databases do not yet cover the
entire compositional space with high fidelity. In the present work, the modelling was
therefore focused on the Mo- and V-rich regions, which are of particular relevance for the
investigated compositions. The thermodynamic parameters used were based on available
literature data as well as new experimental results generated during this study. Further
refinement of the database will be possible as more experimental data become available,
especially for currently underexplored regions of the quaternary phase diagram.

Density measurements reveal an additional density reduction of Mo-V-Si-B alloys due
to Ti doping, which is less pronounced in the V-substituted alloys. This is attributed to the
fact that these alloys exhibit a lower V concentration, leading to higher densities compared
to the Mo-substituted alloys. The results show that the density of these alloy systems is
significantly lower than that of the Mo-9Si-8B alloy (9.4 g/cm3) [40] and even lower than
that of commercial nickel-based superalloys like In 713C (7.95 g/cm3), In 100 (7.91 g/cm3)
and CMSX-4 (8.7 g/cm3) [41,42].

3.2. Microstructure Evolution During Mechanical Alloying and Heat Treatment

The progress of milling can be monitored very well by analysing microstructure
formation as a function of milling time. The SEM images in Figure 3 show the progress of
milling in different states for all alloys. Since the microstructures revealed no significant
differences after 1 h and 2 h, nor after 5 h and 10 h of milling, the microstructures after 2
h and 10 h are shown as examples, along with 20 h of milling as the maximum milling
time investigated in this study. In the first hours of milling, larger light grey Mo-rich
phase and dark grey V-rich phase regions can be observed within the individual powder
particles. As the milling time increases up to 10 h, a lamellar structure forms, indicating that
repeated comminution and cold-welding processes are the working mechanisms during
mechanical alloying. In addition, V is increasingly dissolved in the (Mo,V)ss phase and
vice versa, and as a result, the microstructure becomes more homogeneous. However, after
20 h of milling, a completely homogeneous microstructure with only single-phase particles
is not yet achieved, since lamellar structures can still be detected in some particles of all
alloys, which in turn indicates that the mechanical alloying of the powders is not entirely
completed at this point. Compared to previous studies on Mo-9Si-8B [8] and Mo-40V-9Si-
8B [17], where a homogeneous microstructure was achieved after 20 h of milling using
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the higher energy PM400 mill (200 rpm), the present results indicate that the lower energy
PM100 setup may not have provided sufficient energy input for full alloying.

 

Figure 3. The microstructures of the mechanically alloyed powders after 2 h, 10 h and 20 h of
milling. As milling time increases, a characteristic lamellar structure develops, leading to progressive
microstructural homogenization.

However, when directly compared to Becker et al. [17], who used the same alloy com-
position (Mo-40V-9Si-8B) but without Ti and with a higher energy milling setup (PM400,
200 rpm), the present study shows that even with lower energy input, the addition of
TiH2 enables the formation of a supersaturated solid solution and a comparable multi-
phase microstructure after heat treatment. Notably, the Ti-doped alloys exhibited finer
particle sizes, higher microstrain, and in some cases increased microhardness already in
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the as-milled state, suggesting an accelerated homogenization effect—possibly due to the
fragmentation-promoting nature of TiH2 and its interaction with oxygen.

During heat treatment of the powders, the two silicide phases (Mo,V)3Si/(Mo,V,Ti)3Si
and (Mo,V)5SiB2/(Mo,V,Ti)5SiB2 precipitate, which are homogeneously distributed in
the continuous (Mo,V)ss/(Mo,V,Ti)ss matrix phase, as can be seen for the two alloys Mo-
40V-9Si-8 B and Mo-40V-9Si-8B-5Ti in Figure 4a,b. The microstructures are in agreement
with previous studies on similarly treated Mo-9Si-8B and Mo-40V-9Si-8B alloys [6,8,17].
Although a completely homogeneous supersaturated solid solution is not evident after 20 h
of mechanical alloying using the aforementioned milling parameters, the desired ultra-fine
and homogenous multiphase microstructure has formed after heat treatment. Therefore, it
can be concluded that the slight differences between the powder’s characteristics milled
with the milling aggregates PM100 and those milled with the PM400 [6,8,17] are not
significant enough to affect the microstructure after annealing.

 

Figure 4. SEM images of the heat-treated (1400 ◦C for 1 h) powders: (a) Mo-40V-9Si-8B and (b) Mo-
40V-9Si-8B-5Ti. The microstructures reveal a continuous (Mo,V)ss matrix phase (light grey) with
homogeneously distributed silicide particles (dark grey).

The volume fractions of the phases were calculated using the density and mass fraction
from the Rietveld refinement, with the values given in Table 2. It can be observed that in
the Mo-substituted alloys Mo-40V-9Si-8B-2Ti and Mo-40V-9Si-8B-5Ti, the volume fraction
of the (Mo,V)ss phase decreases, while the amount of silicide phases increases with higher
Ti concentrations. However, in the case of the V-substituted alloys Mo-38V-9Si-8B-2Ti and
Mo-35V-9Si-8B-5Ti, the volume fractions of the (Mo,V)ss phase and the silicide phases
remain unchanged. In addition, the morphology and distribution of the phases are not
affected by the small Ti additions.

It should be noted that the microstructures of the mechanically alloyed powders after
heat treatment correspond well to those after sintering via the FAST process (Figure 5a,b),
which is consistent with the studies of Becker et al. [17]. In addition, the volume fractions
of the (Mo,V)ss/(Mo,V,Ti)ss matrix phase and the silicide phases after heat treatment of the
powders and after FAST are almost equal. Therefore, it can be concluded that the phase
distribution in both the milled and heat-treated powder and the bulk material (sintered
via FAST) are identical. The corresponding X-ray diffractograms in Figure 5c,d exhibit the
same reflections as those of the heat-treated powders (Figure 1a,b), confirming that the
microstructure consists of the same phases.
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Figure 5. Microstructures after FAST at 1500 ◦C of (a) Mo-40V-9Si-8B and (b) Mo-40V-9Si-8B-5Ti,
along with their corresponding X-ray diffractograms (c,d), showing the same phase distribution
compared to the heat-treated powders shown in Figure 4.

3.3. Particle Size Evolution During Mechanical Alloying

Figure 6a shows the average particle size of the powders as a function of milling time
for all alloys investigated. As milling time increases, the particle size d(0.5), i.e., d50 value of
the particle size distribution, decreases due to the more pronounced comminution related
to the hardening of powders by the formation of a solid solution and the progressive cold
working, which corresponds to the increasing microstrain during milling (Table 1). This
is due to the fact that the high impact forces of the planetary ball mill not only weld the
powder particles but also effectively comminute them, as shown in previous studies [43].
The addition of small amounts of TiH2 seems to further reduce particle size compared to the
Mo-40V-9Si-8B alloy. The TiH2 powder has a brittle character and is also homogeneously
dispersed in the Mo powders during milling. TiH2 tends to fracture easily under mechanical
stress, which contributes to the crushing process. During mechanical alloying, the particle
size of the Ti-doped alloys decreases faster due to the easy fragmentation of the hydride [44].
All alloys exhibit a reduction in particle size in the initial stages of milling, which is
consistent with Li et al. [11], who investigated Mo-12Si-8.5B nanocomposite powders
treated in the planetary ball mill PM100. In the first 5 h of milling, the number of small
particles increases and, in contrast to the initial powder particles, they exhibit a rough
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and complex shape. At this period of time, fracture and cold-welding processes occur
simultaneously. After 20 h of milling, the size of the particles ranges between 4.8 and
7.2 μm, indicating a significant reduction compared to the initial powder. This suggests that
steady-state conditions may have been reached, where further size reduction is minimal
despite continued milling.

Figure 6. (a) Particle size d(0.5) as a function of milling time. The Ti-alloyed powders tend to produce
smaller particles. (b) Particle size distribution after 20 h of milling reveals a smaller maximum and
width of distribution with the addition of Ti.

The particle size distribution after 20 h of milling in Figure 6b shows that with the
addition of Ti, the maximum particle size distribution shifts to smaller values (except for
alloy Mo-35V-9Si-8B-5Ti), which in general indicates smaller particle sizes for the Ti-alloyed
powders. In addition, the width of the distribution becomes smaller with the addition of Ti
(only Mo-35V-9Si-8B-5Ti shows almost the same width), which indicates that these alloys
exhibit a higher fraction of small particles (smaller scattering in particle size). Therefore, it
can be concluded that the addition of the hard and brittle TiH2 powder is an additional
factor of comminution.

3.4. Oxygen Concentration After Mechanical Alloying and Heat Treatment

The oxygen concentration of the elemental powders (Figure 7a) shows that Mo
(128 ± 12 wppm, weight parts per million), V (307 ± 69 wppm) and TiH2 (50 ± 14 wppm)
have low oxygen concentrations, while Si (1051 ± 224 wppm) and B (1042 ± 102 wppm)
possess higher oxygen concentrations. As visualized in Figure 7b, the oxygen measure-
ments show an oxygen level below 1000 wppm after 20 h for most of the alloys. Specifically,
the oxygen concentration in Mo-35V-9Si-8B-5Ti after mechanical alloying was approxi-
mately twice as high compared to the other alloys. Since all alloys were processed under
the same conditions, this discrepancy indicates that factors such as powder morphology,
surface area or batch-to-batch variations in raw material purity influenced the initial oxygen
concentration. The markedly elevated oxygen level observed in the Mo-35V-9Si-8B-5Ti
alloy may be attributed to a combination of factors, including the high TiH2 content, which
increases the specific surface area during milling due to its brittle behaviour and may locally
enhance oxidation. Furthermore, partial oxidation of Ti during decomposition, possibly in
the presence of surface-adsorbed moisture or residual air, could contribute to the overall
oxygen uptake, even in the absence of detectable oxide phases in XRD or SEM. Although no
crystalline oxide phases were detected, the presence of amorphous or nanoscale titanium
oxides located on particle surfaces cannot be excluded. Due to the limitations of EDS
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in quantifying oxygen and the absence of a thermodynamic database including oxygen-
containing phases for this quaternary system, further quantification was not attempted.
Nonetheless, no signs of oxide agglomeration were observed in microstructural analysis
using SEM.

Figure 7. (a) The oxygen concentration of the elemental powders and (b) after high-energy ball
milling and heat treatment.

It should be noted that the oxygen concentration of all alloys slightly increases during
mechanical alloying, since the grinding vials are not entirely airtight, and oxygen can pene-
trate during milling. Consequently, the fresh surfaces, which are formed by breaking during
mechanical alloying, can easily pick up residual oxygen from the process atmosphere. With
the addition of Ti, the oxygen concentration increases, although the introduced oxygen of
the TiH2 powder is negligible. A possible explanation is the oxidation of Ti to TiO2, which
occurs even in a protective argon atmosphere, leading to the formation of an oxide layer on
the TiH2 powder particles’ surface [45].

Figure 7b illustrates the oxygen concentration of the alloys after subsequent heat
treatment of the powders. The oxygen concentration of Mo-40V-9Si-8B after heat treatment
is 537 ± 74 wppm, which is less than one tenth of the value measured by Becker et al.
(5787 wppm) [17] for the same alloy composition. The reason for this much smaller value
is the significantly lower oxygen concentration of the as-received V powder compared
with that used by Becker et al. Thus, it can be stated that the oxygen concentration of the
as-received powders is crucial for the milling process.

The addition of Ti to Mo-40V-9Si-8B leads to higher oxygen concentrations (except for
the Mo-35V-9Si-8B-5Ti alloy). These results are in agreement with those of Hiraoka et al. [46]
who showed that the oxygen concentration in Mo-Ti alloys increases due to Ti doping.
During heat treatment of the Ti-containing alloys, hydrogen is released as hydrogen gas
(H2), especially at elevated temperatures. The hydrogen reacts with the oxygen available in
these alloys to form water vapor, which is evaporated in the atmosphere. Simultaneously,
Ti reacts with oxygen, leading to the formation of titanium oxides.

However, no oxides could be found in the X-ray diffractograms (Figure 1) or in the
SEM images (Figure 4) for the heat-treated powders of the present studies. Nevertheless,
the presence of nano-scaled or amorphous oxides below the detection limits of XRD and
SEM cannot be entirely excluded. Such oxides may exist as thin films, grain boundary
precipitates or finely dispersed amorphous particles. Despite this uncertainty, the available
characterization data suggest that no oxides have a significant impact on the observed phase
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formation or overall microstructural homogeneity. The silicide phases form consistently in
all samples, and no morphological anomalies or secondary oxide phases are evident.

While the oxygen concentrations in the Ti-containing alloys are slightly elevated com-
pared to the Ti-free reference, they remain significantly lower than those reported by Becker
et al. [17] or the same base composition processed without TiH2 (~5800 wppm). This indi-
cates that the use of TiH2, despite its inherent reactivity, does not lead to excessive oxidation.
On the contrary, it may even contribute to a partial deoxidizing effect during processing,
potentially via hydrogen release and subsequent reaction with oxygen-containing species.

However, the oxygen concentration trend observed in Mo-35V-9Si-8B-5Ti differs sig-
nificantly from that in the other investigated alloys. A possible reason for this discrepancy
could be attributed to the initial oxygen concentration present after mechanical alloying.
During subsequent heat treatment, the high initial oxygen concentration in Mo-35V-9Si-
8B-5Ti may have influenced oxygen redistribution in the alloy. However, phase analysis
and microstructural characterization of the heat-treated powder samples did not reveal
the presence of volatile oxides or evidence of reduction reactions. In contrast, the alloys
with a lower initial oxygen concentration exhibited an increase in oxygen concentration,
which may suggest oxygen uptake from residual gas in the vacuum chamber or oxygen
redistribution within the material. The measured oxygen concentration for the alloys
should therefore be treated with care and seems to represent a kind of trend.

3.5. Microhardness Evolution During Milling and After Heat Treatment

Table 1 shows the evolution of microhardness depending on milling time. At the
beginning, the microhardness strongly increases due to the different hardening mechanisms,
which occur in the initial stage of mechanical alloying. Firstly, collisions between the
powder and the balls lead to plastic deformation of the powder particle and consequently
to a higher dislocation density (work hardening) [37]. Secondly, mechanical alloying
of similar metallurgically processed Mo-Si-B powder lowers the domain size up to the
lower micrometer range due to collisions between balls and between powder and balls
(grain refinement) [8]. Thirdly, the addition of V and Ti, which are dissolved in the Mo
lattice, further contribute to solid solution strengthening, resulting in an improvement
in microhardness [18]. After 20 h, the microhardness of Mo-40V-9Si-8B has reached a
value of 11 ± 3 GPa and the addition of Ti seems to increase the microhardness, except for
Mo-40V-9Si-8B-2Ti (9.5 ± 2 GPa), which has a lower microhardness compared to the Ti-free
alloy. On the other hand, the microhardness of Mo-35V-9Si-8B-5Ti has reached a value of
14.5 GPa but has a much smaller standard deviation (±2 GPa) compared to Mo-40V-9Si-8B.
It should be noted that all microhardness measurements were conducted on individual
powder particles embedded in cold-mounting resin. Due to the very small particle sizes
after 20 h of milling (4.8–7.2 μm, see Figures 3 and 6), it is challenging to place indentations
without overlapping phase boundaries or being affected by the softer embedding material.

The results of the measured microhardness after heat treatment are shown in Table 2.
For the alloys Mo-40V-9Si-8B, Mo-40V-9Si-8B-5Ti and Mo-38V-9Si-8B-2Ti, there is an in-
crease in microhardness after heat treatment, while the microhardness in Mo-40V-9Si-8B-2Ti
and Mo-35V-9Si-8B-5Ti decreases compared to the as-milled state. It should be noted that
these measurements were conducted on individual powder particles embedded in cold-
mounting resin.

The limited flat surface area per particle and the heterogeneous internal phase distri-
bution further complicates precise positioning, especially when using an optical system
with limited spatial resolution. These experimental constraints are compounded by the
material-specific characteristics of the heat-treated powders, which exhibit an ultra-fine,

128



Materials 2025, 18, 2494

multiphase microstructure with silicides ((Mo,V)3Si and (Mo,V)5SiB2) finely dispersed in
the (Mo,V)ss matrix. Based on image analysis, the average width of the silicide features
is approximately 0.6 μm. Using a simplified model, the mean centre-to-centre spacing
of silicide particles was estimated to be ~0.63 μm (assuming 48 vol% silicides), which is
significantly smaller than the Vickers indentation size (~10–15 μm). Consequently, each
indentation inevitably involves multiple phases, making it difficult to isolate phase-specific
mechanical responses and contributing to increased scatter.

In addition, the powders retain a high density of lattice defects introduced during
mechanical alloying, as indirectly indicated by the elevated microstrain measured via XRD
(Table 1). These lattice defects (mainly point defects and dislocations) locally influence
hardness and can either hinder or promote plasticity depending on their interaction with
adjacent phases. Since microstrain was only measured in the as-milled state, any interpre-
tation related to internal stresses or defect density applies solely to this condition. Potential
recovery processes during subsequent heat treatment cannot be assessed based on the
available data. The relatively large standard deviations in microhardness are therefore
attributed to the combined effects of measurement limitations, overlapping phase contribu-
tions, lattice defects and microstructural inhomogeneities—characteristics that are typical
for mechanically alloyed systems and consistent with previous observations [8,17].

It must be noted that the microhardness values given are to be understood as a medium
value of the corresponding phases, i.e., a solid solution and the two silicide phases. As
can be seen in Figure 4, the dispersed silicide phases are relatively small and close to each
other. Due to the limited size of the silicide-free regions, it was not possible to isolate
the (Mo,V)ss matrix during indentation. Consequently, the standard deviations are very
high, because the silicide phases (Mo,V)3Si/(Mo,V,Ti)3Si and (Mo,V)5SiB2/(Mo,V,Ti)5SiB2

exhibit a higher hardness than the (Mo,V)ss/(Mo,V,Ti)ss matrix phase. In this context,
Choe et al. [47] investigated the microhardness of Mo-12Si-8.5B and was able to show that
the microhardness of Mo5SiB2 (18.5 GPa) is slightly higher compared to that of Mo3Si
(15 GPa), which are both significantly higher than that of the Moss matrix phase (7 GPa).
The addition of 2 at. % Ti to Mo-V-Si-B seems not to affect the microhardness significantly
(in the case of Mo-40V-9Si-8B-2Ti, it is even significantly lower), while 5 at. % Ti leads to
a noticeable improvement in microhardness. These results are in agreement with those
of Becker et al. [18], who showed that the addition of 5 at. % Ti is sufficient to increase
the microhardness of pure Mo due to solid solution hardening. However, in the case
of Mo-35V-9Si-8B-5Ti, this increase in microhardness is not as pronounced compared to
Mo-40V-9Si-8B-5Ti. Therefore, the addition of 5 at. % Ti to Mo-40V-9Si-8B has the highest
impact on microhardness in the present study.

4. Conclusions

The present study investigated the effects of small titanium additions (2 and 5 at.
%), which were added as TiH2 powders, on the microstructure, phase evolution, oxygen
concentration and microhardness of mechanically alloyed Mo-40V-9Si-8B alloys.

All compositions formed a supersaturated (Mo,V,Ti) solid solution during mechan-
ical alloying, which decomposed into a stable three-phase microstructure consisting of
(Mo,V)ss, (Mo,V)3Si and (Mo,V)5SiB2 or (Mo,V,Ti)ss, (Mo,V,Ti)3Si and (Mo,V,Ti)5SiB2 after
heat treatment. Compared to the Ti-free alloy, the Ti-containing variants showed slightly
finer particle sizes, higher microstrain and, in the case of 5 at. % Ti, a modest increase in
microhardness. Although the Ti-doped alloys exhibited slightly elevated oxygen concentra-
tions compared to the Ti-free composition, the overall values remained significantly lower
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than those reported in earlier studies using conventional powder routes—demonstrating
the potential of TiH2 as a reactive alloying agent and deoxidizing precursor.

The brittleness of TiH2 affects powder refinement during milling, while its decom-
position may support a more homogeneous element distribution. Although the overall
oxygen content in the Ti-containing alloys was slightly higher than in the Ti-free reference,
it remained significantly lower than in comparable studies using elemental powders—
indicating that TiH2 does not critically promote oxygen uptake and may still offer benefits
in oxygen-sensitive processing environments.

Based on the promising results of this study, future research should focus on evaluating
the high-temperature performance of these alloys, including their mechanical behaviour in
a broad temperature regime (including flexural and tensile deformation, creep and fracture
behaviour), as well as their environmental effects (oxidation, corrosion). With their reduced
density and complex multiphase architecture, these Ti- and V-modified Mo–Si–B alloys
are promising candidates for high-temperature structural applications such as turbine
components or thermal barrier systems.
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Abstract: W-Mo-Cu composites show promise for advanced applications, but their prop-
erties require optimization. In this study, a novel approach utilizing Cu-coated graphene
(Cu@Gr) reinforcement with skeleton relative density adjustment was employed to tailor
the microstructure and properties of W-Mo-Cu composites fabricated via infiltration sin-
tering (1300 ◦C, 1.5 h). The results revealed that Cu@Gr significantly promoted sintering
densification, modified the phase composition, and enhanced the properties of the com-
posite. Specifically, the addition of 0.4 wt.% Cu@Gr resulted in a relative density of 98%
for the composite, representing an 8% increase compared to the material without Cu@Gr.
Furthermore, when higher amounts of Cu@Gr were incorporated, the composite consis-
tently exhibited a high degree of densification. In addition to the primary W, Mo, and Cu
phases, molybdenum carbide, Mo2C, was formed at 0.4 wt.% Cu@Gr, with its content rising
proportionally to graphene dosage. Notably, the composite containing 0.6 wt.% Cu@Gr
exhibits the highest thermal conductivity and electrical conductivity, showing 64% and 73%
increases, respectively, versus Cu@Gr-free samples. Additionally, although W-Mo green
compact density variations (73–85%) did not compromise graphene-induced densification,
a higher green compact density reduced the thermal/electrical conductivities but increased
the hardness. These findings demonstrate that controlled Cu@Gr incorporation and green
compact optimization synergistically improve the properties of W-Mo-Cu composites,
providing insights into high-performance material design.

Keywords: graphene; infiltration sintering; W-Mo-Cu composites; densification; properties

1. Introduction

Refractory metals, such as tungsten (W) and molybdenum (Mo), possess high melting
temperatures, low thermal expansion coefficients, good ablative resistance, and high hard-
ness. These properties make them instrumental in the fabrication of structural materials
used in aerospace applications and nuclear reactors [1,2]. In contrast, as a low-melting-point
metal, copper (Cu) not only has excellent thermal conductivity and electrical conductiv-
ities but also exhibits good toughness [3,4]. Thus, W-Mo-Cu composite, a novel and
promising pseudo-alloy with a tailorable composition ratio integrates the advantageous
physical properties of metal W, Mo, and Cu, which can be widely applied in various
fields, including arcing electrodes, electronic packaging materials, high-voltage electrical
contacts, sweating materials, and electromagnetic gun-rail materials [5–7]. Nevertheless,
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the fabrication of W-Mo-Cu composites presents challenges due to the significant differ-
ences in the melting points of the constituent elements (W: 3410 ◦C, Mo: 2623 ◦C, and Cu:
1083 ◦C), as well as the insolubility of W and Cu, and Mo and Cu [8,9]. Currently, the
fabrication of W-Mo-Cu composites predominantly relies on powder metallurgy methods,
including liquid-phase sintering, field-assisted sintering techniques, and infiltration sinter-
ing [7,10,11]. The liquid-phase sintering method is simple and controllable but requires
high temperatures (1100–1400 ◦C) and long times (3–4 h), which may form Cu melt pools
and adversely affect the composite’s microstructure. Furthermore, although the pretreat-
ment of powders can enhance the properties of W-Mo-Cu composites, it also increases the
preparation time [12]. Field-assisted sintering methods, such as spark plasma sintering,
microwave sintering, and large current electric field sintering, utilize external physical
fields to activate the sintering process, thereby reducing the temperature (800–1000 ◦C) and
preparation time (5–10 min) for composites. However, the resulting W-Mo-Cu composites
exhibit suboptimal ies with a maximum relative density of approximately 94% [10,11,13].
Although it requires similarly high sintering temperatures (1200–1400 ◦C) and extended
durations (4 h) as liquid-phase sintering, the infiltration sintering method produces com-
posites with significantly reduced porosity by effectively filling the W or Mo skeleton with
Cu. This enables the preparation of high-density W-Mo-Cu composites without powder
pretreatment [14,15]. However, the high temperature and long duration of the infiltration
sintering process still pose challenges, such as Cu phase volatilization, weakened interfacial
bonding, and grain coarsening during sintering, which may adversely affect the properties
of W-Mo-Cu composites. To address these challenges, elements such as Co, Ni, and Fe are
frequently added as sintering activators in pseudo-alloys, reducing the activation energy
and sintering temperature while enhancing the overall performance [16–18]. However,
these elements can negatively affect the electrical conductivity and thermal conductivities
of pseudo-alloys, which undoubtedly impacts their practical applications [19]. Therefore,
it is essential to select new additives that do not compromise the excellent electrical and
thermal conductivities of W-Mo-Cu composites.

Graphene, which is renowned for its exceptional electron mobility (2× 105 cm2/(V·S)),
high carrier density (1013 cm−2), ultrahigh thermal conductivity (up to 5300 W/(m·K)), and
remarkable mechanical strength (130 GPa), has been successfully integrated into composite
materials such as aluminum-, magnesium-, copper-, and titanium-based systems. For
instance, Hu et al. [20] fabricated graphene-aluminum matrix composites via electromag-
netic stirring and casting processes, achieving optimal performance at 0.2 wt. % graphene
content with hardness, electrical conductivity, and thermal conductivity increased by 42%,
5%, and 38%, respectively, compared to pure aluminum. Furthermore, Zhao et al. [21]
and Chen et al. [22] demonstrated that graphene incorporation facilitates grain refinement
while significantly enhancing the mechanical, electrical, and thermal properties of metal
matrices. However, when graphene is incorporated into metal matrix composites, it still
encounters challenges such as difficulties in dispersion, a tendency to agglomerate, and
susceptibility to reactions with the matrix [23–26]. Consequently, surface pretreatment of
graphene is often required, with the electroless deposition of a metal layer onto its surface
being a relatively effective modification technique[21,23,27,28].

In this study, surface-modified graphene (Cu@Gr) was fabricated via electroless plat-
ing and subsequently incorporated into a W-Mo-Cu composite matrix with varying Cu@Gr
contents (0.2–1.0 wt. %) to synthesize Cu@Gr-reinforced W-Mo-Cu (Cu@Gr/W-Mo-Cu)
composites through infiltration sintering. The effects of Cu@Gr addition on the microstruc-
ture and properties of the composites were systematically investigated. Furthermore,
considering the critical role of the relative density in W-Mo green compacts for successful in-
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filtration, a complementary study was conducted to evaluate how varying relative densities
(73–85%) of the W-Mo skeleton, combined with the optimized Cu@Gr content, influence the
final composite performance. This dual-parameter optimization strategy provides insights
into both the compositional and structural controls for enhancing W-Mo-Cu composites.

2. Experimental

2.1. Materials

W powders (99.9% purity; average particle size between 1–3 μm), Mo powders (99.9%
purity; average particle size between 1–3 μm, Xiamen Golden Egret Special Alloy Co.,
Ltd. (Xiamen, China)), Cu powders (99.9% purity; average particle size of 5 μm, Zhongye
Xindun Co., Ltd. (Xingtai, China)) and Graphene powders with 5–10 layers (99.0% purity;
average particle diameter of 5 μm, Shenzhen Suiheng Graphene Technology Co., Ltd.
(Shenzhen, China)) were used as raw powders for the experiment. Figure 1 shows the SEM
micrographs of the raw powders used for the composite fabrication. The W powder parti-
cles exhibited irregular polyhedral morphologies with featureless surfaces, whereas the
Mo powder consisted of irregular spherical particles. The Cu powder displayed ellipsoidal
irregular shapes, with graphene presenting ultrathin flake-like structures. The auxiliary
chemicals employed for graphene surface modification via electroless plating included (ex-
cept for C10H8N2 and NaOH, all other raw materials were sourced from Chengdu Kelong
Chemical Co., Ltd. (Chengdu, China)): polyvinyl alcohol (PVA), N-methylpyrrolidone
(NMP), hydrochloric acid (HCl, 37%), stannous chloride dihydrate (SnCl2·2H2O), palla-
dium chloride (PdCl2), copper sulfate pentahydrate (CuSO4·5H2O), potassium sodium
tartrate tetrahydrate (KNaC4H4O6·4H2O), ethylenediaminetetraacetic acid disodium salt
(Na2EDTA), sodium carbonate (Na2CO3), 2,2′-bipyridine (C10H8N2) (Chengdu Nuershi
Technology Co., Ltd. (Chengdu, China)), sodium hydroxide (NaOH) (Chengdu Kelong
Chemical Reagent Factory (Chengdu, China)), and formaldehyde (HCHO, 37%). All
reagents were procured as analytical-grade materials and utilized without additional
purification. Aqueous solutions were prepared using deionized water (resistivity > 18
MΩ·cm).

5 m 

W Mo 

5 m 

5 m 

Cu 

2 m 

GR 

Figure 1. Microstructure of the raw material powders.
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2.2. Graphene Surface Modification

Figure 2 illustrates the schematic process of graphene surface modification. Initially,
graphene was treated with ultrasonication for 0.5 h and magnetic stirring for 1 h in an
NMP solution to eliminate surface contaminants. The sensitization and activation solutions
are then prepared by mixing deionized water, HCl, SnCl2·2H2O, and PdCl2 according
to the formulation listed in Table 1. The dispersed graphene is immersed in this mixed
solution and subjected to ultrasonication for 0.5 h followed by magnetic stirring for 1 h.
The resulting material is subjected to vacuum filtration and rinsed with deionized water to
yield sensitized and activated graphene. Next, the plating solution is formulated based on
the composition specified in Table 2, with a pH adjustment to 12.5 using NaOH. Sensitized
and activated graphene are introduced into a pH-controlled plating solution and processed
under constant-temperature magnetic stirring in a water bath. The final product is isolated
through filtration, thoroughly washed with deionized water, and vacuum-dried at 60 ◦C
for 4 h to obtain Cu@Gr. As revealed by the microstructure analysis in Figure 3, the
modified Cu@Gr exhibits a continuous and conformal coating across the majority of
graphene surfaces.

Figure 2. The schematic process of graphene surface modification [29].

Table 1. Formulation of Sensitization and Activation Solution.

Chemical Reagents Content (g/L)

SnCl2·2H2O 20.0
PdCl2 0.5
HCl 71.4

Table 2. Formulation of electroless plating solution.

Chemical Reagents Content (g/L)

CuSO4·5H2O 10.0
Na2CO3 40.0

Na2EDTA 20.0
KNaC4H4O6·4H2O 40.0

C10H8N2 4.0
HCHO 17.7
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Figure 3. The microstructure of Cu@Gr: (a) 1000×, (b) 5000×.

2.3. Preparation of Cu@Gr-Reinforced W-Mo-Cu Composites

This study primarily investigated the 40 wt.% W-40 wt.% Mo-20 wt.% Cu system. W
and Mo powders were weighed to 2 wt.% pre-added Cu powder to enhance melt infiltration
during subsequent sintering. Separately, 0.2 wt.%, 0.4 wt.%, 0.6 wt.%, 0.8 wt.%, and 1.0 wt.%
Cu@Gr powder was systematically introduced to the base mixture. The blended powders
underwent mechanical alloying in a QM-BP planetary ball mill (ball-to-powder ratio of
3:1, Nanjing Nanda Instrument Co., Ltd., Nanjing, China) at 300 rpm for 3 h. The milled
composite powder was then die-compacted using a DHM-YJB6 hydraulic press (Chengdu
Dahua Hydraulic Machinery Factory, Chengdu, China) under 400 MPa uniaxial pressure
with a 20 s dwell time, forming cylindrical green compacts (Ø13 mm × 11 mm height). The
corresponding Cu compacts were pressed similarly for subsequent infiltration.

The W-Mo and Cu compacts were co-sintered in a ZT-40-21Y vacuum furnace (Shang-
hai Chenhua Science Technology Corp., Ltd., Shanghai, China) using a graphite crucible
configuration, with the Cu block positioned above the compact. The furnace pressure
was maintained below 2.2 × 10−2 Pa throughout the sintering process, as illustrated in
Figure 4, which comprised four distinct phases: (1) rapid heating from ambient tempera-
ture to 1000 ◦C at 10 ◦C/min, (2) reduced-rate heating to 1300 ◦C at 6 ◦C/min, (3) 90-min
isothermal holding at 1300 ◦C to complete Cu infiltration, and (4) furnace cooling to am-
bient temperature. Post-sintering, excess surface Cu was removed through mechanical
machining to obtain the final composites.

Figure 4. Sintering process of the infiltration sintering.

2.4. Testing and Characterization

After sintering, the phases of Cu@Gr/W-Mo-Cu were analyzed using X-ray diffraction
(XRD). The diffraction peaks in the XRD images were identified using the MDI Jade 6.0 soft-
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ware. The microstructures were examined using scanning electron microscopy (SEM). The
elemental composition was analyzed using energy-dispersive X-ray spectroscopy (EDS).
The density of the compact was measured using Archimedes’ method. The electrical con-
ductivity, thermal conductivity, and microhardness of the compacts were assessed at room
temperature (25 ± 1 ◦C) using a portable eddy current conductivity meter (FD102, Xiamen
Fosite Electronic Technology Co., Ltd., Xiamen, China), laser thermal conductivity meter
(LFA 457, NETZSCH–Gerätebau GmbH, Selb, Germany), and digital microhardness tester
(HVD-1000AP, Shanghai Jujing Precision Instrument Manufacturing Co., Ltd., Shanghai,
China), respectively. All reported data represent the averages of at least five test results.

3. Results and Discussion

3.1. Influence of Cu@Gr Contents on the Microstructure and Properties of Cu@Gr/W-Mo-Cu Composites
3.1.1. Phases and Microstructures of W-Mo-Cu Composites with Different Cu@Gr Contents

Figure 5 shows the XRD patterns of the W-Mo-Cu composites with different Cu@Gr
contents. The data indicate that the W-Mo-Cu composite without Cu@Gr primarily consists
of W, Mo, and Cu phases. Given that W and Mo belong to the same group of elements, they
can form solid solutions with one another in the phase diagram. Consequently, W-Mo solid
solutions are expected to form in the composite produced by infiltration sintering. Cao et al.
observed W-Mo solid solutions dispersed at the W-Mo interfaces in W-Mo-Cu composites
prepared via infiltration sintering at 1500 ◦C for 4 h, as evidenced by TEM [7,14]. However,
the XRD patterns reveal that the diffraction peaks of W and Mo are distinct, indicating
that no significant solid solution effect is present. This observation can be attributed to the
relatively short sintering duration of only 1.5 h, which restricts the diffusion distance of W
and Mo atoms, resulting in a limited degree of solid solution formation between W and Mo.
Furthermore, the addition of 0.4 wt.% Cu@Gr, a small quantity of molybdenum carbide,
Mo2C, begins to emerge in the W-Mo-Cu composite. As the Cu@Gr content increases,
the intensity of the Mo2C diffraction peaks gradually increases, although the overall
intensity of these peaks remains relatively low. Carbides, being hard phases, can enhance
dispersion strengthening when they are uniformly distributed within the composites.
However, the comparatively low conductivity of carbides may negatively impact the
electrical conductivity of W-Mo-Cu composites. Therefore, to achieve W-Mo-Cu composites
with optimal overall performance, the addition of Cu@Gr must be carefully regulated.

Figure 5. XRD patterns of W-Mo-Cu composites with different contents of Cu@Gr.

Figure 6 shows the SEM images of the infiltration-sintered Cu@Gr/W-Mo-Cu com-
posites. EDS analysis of the 1 wt.% Cu@Gr-added W-Mo-Cu composite was conducted,
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with results shown in Figure 7. EDS analysis reveals that the white areas in the SEM image
correspond to the W phase, the light gray regions primarily represent the Mo phase, and
the dark gray areas were attributed to the Cu phase. The W-Mo-Cu composite without
Cu@Gr contains some circular pores of varying sizes, indicating insufficient infiltration
of Cu into the W-Mo skeleton during processing, which resulted in incomplete filling of
interparticle voids between W and Mo. Furthermore, the distribution of Cu is also not
uniform, resulting in the formation of Cu melt pools. The addition of graphene leads to a
gradual decrease in porosity and results in a more uniform microstructure, suggesting that
graphene facilitates sintering densification. The addition of 0.2 wt.% graphene significantly
enhances the density of the composite; however, minor pores remain, and a Cu melt pool is
still present. Upon increasing the Cu@Gr addition to 0.4 wt.%, the microstructure of the
composite material becomes notably denser and more uniform. The Cu melt pool no longer
exists, and a uniform Cu network structure is formed. This improvement is attributed to the
superior high-temperature wettability between graphene and Cu compared to that between
W/Mo and Cu in the matrix [30,31]. The high wettability of graphene with Cu facilitates
the flow of liquid Cu on the matrix surface contained with Cu@Gr. Although the direct
wettability between Cu and W/Mo is limited, graphene serves as an intermediate layer,
functioning as a “wetting bridge” that directs the liquid Cu to infiltrate the voids of the
W-Mo skeleton along the graphene-covered pathway. Thus, Cu@Gr effectively contributes
to sintering densification during infiltration.

0.4 wt.%  

10 m 10 m 

0.6 wt.%  

10 m 

0.8 wt.%  

10 m 

1 wt.%  

0.2 wt.%  

10 m 10 m 

0 wt.%  

pores 

Cu melt pool Cu melt pool

Figure 6. SEM images of W-Mo-Cu composites with different Cu@Gr contents.
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Figure 7. EDS analysis of the 1 wt.% Cu@Gr-added W-Mo-Cu composite.

From the element distribution in the EDS mapping, it can be observed that the dis-
tribution of each component is relatively uniform. The Mo phase serves as the matrix
surrounding the W phase, while the Cu phase effectively fills the voids between the W
and Mo phases, creating a uniform Cu network structure. However, the W phase exhibits
slight particle coarsening, primarily due to the non-uniform particle size distribution of
the raw W powder, which contains some larger particles. These larger particles hinder
the rearrangement of particles during infiltration sintering, leading to the connection and
coarsening of certain W phases [32]. Sintering necks are formed between the W, Mo, and
Cu phases, tightly bonding them together and ultimately promoting the densification of
the composites. Furthermore, the distribution of carbon is relatively uniform and not
concentrated around the Mo phase, indicating that not all graphene has reacted to form
carbides, and some free graphene still exists within the material.

3.1.2. Properties of W-Mo-Cu Composites with Different Cu@Gr Contents

Figure 8 illustrates the relative density of W-Mo-Cu composites with varying contents
of Cu@Gr. The relative density of the composites significantly increases with the incor-
poration of Cu@Gr. This observation corresponds to the microstructural changes in the
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W-Mo-Cu composites depicted in Figure 6, where the addition of Cu@Gr progressively
reduces both the number and size of pores within the composites. Notably, when Cu@Gr
was not added, the wettability between Cu and W and Mo was poor, and Cu failed to
adequately infiltrate into the W-Mo skeleton. The filling effect of copper in the pores
between the W and Mo particles was mediocre, resulting in the lowest relative density.
When the Cu@Gr content increases from 0 wt.% to 0.4 wt.%, the densification rate of the
composites improves considerably; however, further increases in Cu@Gr content do not
yield significant changes in the material’s densification, with values stabilizing around 98%.
At this point, the densification of the composites improved by approximately 8% compared
to that of the samples without Cu@Gr. In conclusion, the results indicate that Cu@Gr can
effectively promote the sintering densification process of W-Mo-Cu composites during
infiltration sintering, and a significant effect can be achieved when the Cu@Gr content
reaches or exceeds 0.4 wt.%.

Figure 8. The relative density of W-Mo-Cu composites with varying contents of Cu@Gr.

Figure 9 shows the thermal conductivity, electrical conductivity, and Vickers hardness
of W-Mo-Cu composites with varying Cu@Gr contents. As shown in the figure, both the
thermal and electrical conductivities of the W-Mo-Cu composites are significantly enhanced,
exhibiting similar trends as the Cu@Gr content increases. This is primarily attributed to
the fact that the transfer of heat and electricity in metallic materials occurs mainly through
the migration of free electrons. The presence of pores within the material can disrupt
the continuity of the metal lattice, thereby increasing the resistance to the migration of
free electrons. Therefore, the densification degree of the W-Mo-Cu composite is a crucial
factor affecting its thermal and electrical conductivities. Furthermore, the thermal and
electrical conductivities of W-Mo-Cu composites are influenced by the uniformity and
structural integrity of the Cu network within the material, as the electrical and thermal
conductivities of Cu are significantly higher than those of W and Mo [33,34]. Without the
incorporation of Cu@Gr, Cu cannot sufficiently infiltrate the W-Mo skeleton, leading to a
relatively low composite density and an incomplete and non-uniform Cu network, which
adversely affects both the electrical and thermal conductivities. Conversely, the addition
of Cu@Gr not only significantly enhances the composite’s density but also facilitates the
formation of a more complete and uniform Cu network. Consequently, as the amount of
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Cu@Gr increases, the thermal and electrical conductivities of the W-Mo-Cu composites
progressively improve.

Figure 9. Thermal conductivity, electrical conductivity, and Vickers hardness of W-Mo-Cu composites
with different contents of Cu@Gr.

Specifically, the W-Mo-Cu composite without Cu@Gr exhibits thermal and electrical
conductivities of 110.61 W·m−1·K−1 and 20.81 %IACS, respectively. At a 0.6 wt.% addition
of Cu@Gr, these values achieve the highest to 181.54 W·m−1·K−1 and 35.99 %IACS, reflect-
ing approximate increases of 64% and 73% compared to the sample without any addition.
However, when the Cu@Gr content exceeded 0.6 wt.%, the quantity of carbide produced
during the sintering process rose, resulting in a gradual decline in both the thermal and elec-
trical conductivities of the composite. Especially when the addition of Cu@Gr is 0.8 wt.%,
the relative density of the composite decreases, resulting in a significant reduction in both
the electrical and thermal conductivities of the composite at this composition. Nevertheless,
due to the relatively low total content of carbides, this decrease remains relatively small.

Additionally, the hardness of the W-Mo-Cu composites gradually increases with
the Cu@Gr contents. In graphene-reinforced composites, graphene serves as an efficient
stress-transfer bridge. When a material is subjected to external loads, graphene can absorb
and transfer a portion of the load, thereby mitigating the stress concentration within
the metal matrix and enhancing the overall load-bearing capacity of the material, thus
improving its strength [35,36]. Furthermore, the microstructure of the material is a critical
factor influencing the hardness of the W-Mo-Cu composite. A higher relative density
and fewer internal pores are conducive to an increase in material hardness. Moreover,
the carbides formed during sintering can act as reinforcing phases, providing dispersion
strengthening to the material. This reaction also promotes the formation of a strong
interfacial bond between graphene and the W phase, effectively facilitating load transfer.
Therefore, without the addition of Cu@Gr, the Vickers hardness of the material is 206.87 HV.
As the Cu@Gr content in the composite increases to 0.6 wt.%, the hardness significantly
improves, reaching 256.57 HV, which represents a 24% increase compared to the absence
of Cu@Gr. However, as the Cu@Gr content continues to increase, the change in material
hardness becomes marginal, with a slight decrease due to the reduction in the relative
density of the composite at a Cu@Gr content of 0.8 wt. % and with a maximum hardness of
262.7 HV achieved at a Cu@Gr content of 1 wt.%.
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In conclusion, the addition of 0.6 wt.% Cu@Gr results in the W-Mo-Cu composite
exhibiting a higher degree of densification, a highly uniform microstructure, and optimal
electrical and thermal conductivities, thereby establishing it as the optimal addition.

3.2. Influence of W-Mo Green Compact Relative Density on the Microstructure and Properties of
Cu@Gr/W-Mo-Cu Composites
3.2.1. Phases and Microstructures of W-Mo-Cu Composites with Varying Relative Densities
of W-Mo Green Compacts

Given that the relative density of the W-Mo green compact significantly influences
the microstructure and properties of the composite fabricated via infiltration sintering, this
section maintains a constant Cu@Gr addition of 0.6 wt. % in W-Mo-Cu composites and
investigates the effect of the relative density of W-Mo green compact on the microstructure
and properties of the composites.

Figure 10 shows the XRD patterns of W-Mo-Cu composites with varying relative
densities of W-Mo green compacts. As shown, the phase composition of the W-Mo-Cu
composites remains unchanged with variations in the relative density, consisting of the
W, Mo, Cu, and Mo2C phases. The peaks corresponding to the Mo2C phase remain
largely consistent, suggesting that the relative density of the W-Mo green compact had
a minimal impact on both the phase composition and carbide formation reaction within
the composites.

Figure 10. XRD patterns of W-Mo-Cu composites with varying relative densities of W-Mo green com-
pacts.

Figure 11 shows the SEM images of W-Mo-Cu composites with varying relative
densities of W-Mo green compacts. As shown, the five groups of samples exhibit relatively
uniform and dense structures, with the Cu phase well infiltrating the skeleton. Furthermore,
as the relative density of the W-Mo green compacts decreases, the dark gray Cu phase
gradually increases. The variation in the relative densities of the W-Mo green compacts
does not influence the promoting effect of Cu@Gr on the densification of the composites.
Generally, a higher relative density of the W-Mo green compacts correlates with reduced
porosity and pore size, which results in a greater capillary force exerted on the Cu melt
during sintering, thereby enhancing its infiltration capability. Conversely, the presence
of larger pores in the matrix at lower green compact densities can impede the flow and
infiltration of the Cu melt. In this study, due to the favorable wettability between graphene
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and Cu at elevated temperatures, the densification of the composite remained unaffected
by the decrease in the relative density of the W-Mo green compact. Instead, as the porosity
of the green compact increased, the volume of Cu that could infiltrate also increased. The
greater the amount of liquid Cu, the more it facilitated the rearrangement and redistribution
of W-Mo particles, thereby promoting the sintering densification of the composite [37].

79% 

10 m 

10 m 
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82%  
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Figure 11. SEM images of W-Mo-Cu composites with varying relative densities of W-Mo green compacts.

3.2.2. Properties of W-Mo-Cu Composites with Varying Relative Densities of W-Mo
Green Compacts

Figure 12 illustrates the relative density of W-Mo-Cu composites with varying relative
densities of the W-Mo green compacts. It is evident that as the relative density of the
W-Mo green compacts decreases, the relative density of the composites gradually increases,
reaching a maximum value of 99.2% when the relative density of the green compacts is
73%. Analysis of the SEM images of the W-Mo-Cu composites presented in Figure 11
shows that, despite variations in the relative density of the W-Mo green compacts, the
samples consistently exhibit a high degree of densification with minimal differences. Thus,
a lower relative density of the W-Mo green compact correlates with a greater variation in the
densification of the composites. Specifically, when the relative density of the green compact
is 73%, the final density of the sample increases by 35.9%, while at a relative density of 85%,
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the final density increases by 15.3%. This indicates that the relative density of the W-Mo
green compact significantly influences the densification process of the composite material.

The influence of the relative density of the W-Mo green compacts on the thermal
conductivity, electrical conductivity, and Vickers hardness of the W-Mo-Cu composites
is illustrated in Figure 13. As shown in the figure, as the relative density of W-Mo green
compacts decreases, the thermal and electrical conductivities of the composites gradually
increase, reaching maximum values of 203.6 W·m−1·K−1 and 44.84 %IACS, respectively, at
a relative density of 73%. The minimum values, observed at a relative density of 85%, are
171.36 W·m−1·K−1 and 29.87 %IACS, respectively. The relative density of the W-Mo green
bodies significantly impacts the thermal and electrical conductivities of the composites.
Given that the Cu@Gr content remains constant, the amount of carbides generated during
the sintering process is essentially identical, leading to similar effects on the thermal and
electrical conductivities of the composites. Therefore, this variation is primarily related to
changes in Cu content within the W-Mo-Cu composites. When the relative density of the
W-Mo green compact is lower, the Cu content in the composite material is higher, resulting
in a complete Cu network structure that facilitates free electron transfer.

Figure 12. The relative density of W-Mo-Cu composites with varying relative densities of W-Mo
green compacts.

Figure 13. Thermal conductivity, electrical conductivity, and Vickers hardness of W-Mo-Cu compos-
ites with varying relative densities of W-Mo green compacts.
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The variation in the hardness of the W-Mo-Cu composite primarily exhibits a gradual
increase with an increase in the relative density of the W-Mo green compact. The minimum
hardness value of 193.6 HV is observed when the relative density of the W-Mo green
compact is 73%, while the maximum value of 270.56 HV is achieved at 85%. This result
is primarily related to changes in Cu content within the composite material. In the W-
Mo-Cu composite, the W and Mo phases possess higher hardness, whereas the Cu phase
exhibits lower hardness. As the density of the W-Mo green compact gradually decreases,
the composites maintain relative density within a narrow range (98.03–99.20%); however,
the content of the W and Mo phases in the composite material diminishes, leading to an
increase in the Cu phase content. This shift results in a downward trend in the hardness of
the composite material.

In summary, the relative density of W-Mo green compacts significantly influences the
densification changes of W-Mo-Cu composites both before and after sintering. Notably,
the relative density of the composites remains consistently high across various relative
densities of W-Mo green bodies. Furthermore, the relative density of W-Mo green compacts
substantially impacts the thermal conductivity, electrical conductivity, and hardness of
the composites. As the relative density of W-Mo green bodies increases, the thermal and
electrical conductivities of the composites gradually decrease while their hardness increases.
In practical applications, it is essential to select an appropriate relative density of W-Mo
green bodies based on the specific working conditions. If higher electrical conductivity
is required and strength is not a primary concern, a relatively low green compact density
may be chosen; conversely, if higher strength is necessary, a relatively high green compact
density should be selected.

4. Conclusions

In this study, Cu@Gr/W-Mo-Cu composites were fabricated through vacuum infiltra-
tion sintering at 1300 ◦C with a holding time of 1.5 h. The effects of Cu@Gr content (ranging
from 0.2 wt.% to 1.0 wt.%) and the relative density of the W-Mo green compact (from 73%
to 85%, in 3% increments) on the microstructure and properties were investigated, yielding
the following findings:

(1) Without Cu@Gr, the composite contains W, Mo, and Cu phases. Upon adding 0.4 wt.%
Cu@Gr, a small amount of Mo2C emerges, and its content increases with rising Cu@Gr
content. Furthermore, the addition of Cu@Gr significantly enhances densification,
reduces pores, enables uniform component distribution, and forms a Cu network
between W and Mo. Moreover, composites can still maintain high densification when
the Cu@Gr content exceeds 0.4 wt.%.

(2) The addition of Cu@Gr substantially improves the properties of the W-Mo-Cu com-
posites. As the Cu@Gr content increases, both thermal and electrical conductivities
and hardness significantly improve. The thermal and electrical conductivities peak at
a 0.6 wt.% addition, exhibiting increases of approximately 64% and 73%, respectively,
compared to the non-added case. Hardness reaches its maximum at 1 wt.%, showing
a roughly 25% increase relative to the non-added state.

(3) Variations in the relative density of the W-Mo green compact have minimal effect on
the phases of the composite and do not hinder the pivotal role of Cu@Gr in promoting
sintering densification; composites prepared under varying relative densities remain
highly dense. However, this parameter significantly influences the properties of the
composite. As the relative density of the W-Mo green compact increases, the thermal
and electrical conductivities of the composite decrease while its hardness increases.
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Abstract: This study investigates the microstructural evolution and mechanical degrada-
tion mechanisms of cold-drawn 310S stainless steel subjected to repeated thermal cycling
between 900 ◦C and room temperature. The results reveal that thermal cycling induces
significant lattice distortion, dislocation accumulation, and recrystallization, leading to
grain refinement and increased tensile strength. However, these microstructural changes
also initiate subsurface cracks and reduce ductility. TGA analysis confirms thermal weight
loss from decarburization, especially under oxidative atmospheres. EPMA analysis and
tensile tests after thermal cycling reveal that surface cracks formed during thermal cy-
cling act as origins for transgranular crack propagation under tensile stress, significantly
reducing fracture resistance. Bending fatigue tests further demonstrate that thermally
fatigued specimens exhibit inferior fatigue life compared to raw material, confirming the
deteriorating mechanical properties of 310S stainless steel after thermal cycling. Overall,
the combined effects of thermal and mechanical fatigue degrade the structural integrity
of 310S stainless steel, revealing that lattice distortion and subsurface cracking are the key
factors in its embrittlement and reduced fatigue performance.

Keywords: 310S; thermal cycling; tensile properties; bending; TEM

1. Introduction

Austenitic stainless steels with high Ni and Cr content are the 310S stainless steels
in the American Iron and Steel Institute (AISI) nomenclature system. Such composition
makes 310S stainless steel a heat-resistant type of stainless steel. It is mainly used in
high-temperature environments, possesses excellent mechanical properties, and shows
high resistance to oxidation and corrosion [1,2]. Therefore, it is widely applied in furnace
tubes or conveyor belts in heat treatment equipment, reaction furnaces or distillers in the
chemical industry, gas boilers and flue systems in power engineering, and ovens in the
food processing industry [3–5].

Despite its widespread application, the performance of 310S stainless steel in high-
temperature environments is significantly influenced by precipitation behavior. In par-
ticular, the formation of Cr-rich σ phase and M23C6 carbides at temperatures ranging
from 500 ◦C to 950 ◦C can lead to embrittlement and reduced corrosion resistance. Studies
suggest that the formation of M23C6 carbides facilitates σ phase precipitation, which com-
promises the mechanical integrity and service life of stainless steel [6,7]. Previous research
has investigated these mechanisms using traditional prolonged isothermal or cyclic aging
methods, focusing on the impact of various precipitates on the mechanical properties of
310S stainless steel in high-temperature environments.
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Another reason for deterioration is the formation of surface substances under various
circumstances [8]. Research in this area explores the behavior of austenitic stainless steel
under various environmental conditions, including atmospheric conditions, moisture-
rich environments, and extreme settings such as supercritical water or supercritical carbon
dioxide. Recent studies have shown that high-temperature oxidation and complex corrosive
atmospheres can significantly alter the surface composition and structure of 310S stainless
steel, leading to selective oxidation and volatile oxide formation [9,10]. These studies focus
on the formation of surface substances, including metal oxides, and their mechanisms,
aiming to simulate real-world operational scenarios of 310S stainless steel. By correlating
surface elemental analyses with the formation of these substances, the studies provide
insights into the consumption of key elements from the parent material and its subsequent
impact on the deterioration of 310S stainless steel.

For 3XX stainless steels, reliability assessment mainly relies on the extent of loss in their
ductility, as indicated by previous studies [11–13]. Under cold working conditions, 310S
stainless steel initiates slip systems within the matrix when subjected to an instantaneous
external stress, leading to partial lattice shear within the matrix and the formation of twin
boundaries in grains. Additionally, these shear behaviors can result in stress-induced
martensitic phase transformation, leading to the phenomenon of embrittlement in the
mechanical properties of 3XX stainless steels [14,15]. Researchers also focus on changes
in microstructure and mechanical properties caused by cold working or investigate the
deterioration mechanism of 310S stainless steel through mechanical fatigue. A typical
research direction involves utilizing the classic Griffith Law to evaluate the empirical
formula for the crack propagation rate under stress in materials and defining the crack
propagation rate of stainless steel to assess its service life under different mechanical
operating environments [16]. The aforementioned research can simulate the performance
of stainless steel in various applications and establish the deterioration mechanism of 310S
stainless steel.

Beyond cold work-induced degradation, differences in thermal stability among stain-
less steels are also critical for understanding material performance under service conditions.
Recent studies across various stainless steel grades further emphasize how different heat
treatments influence their microstructural evolution and mechanical reliability. Martensitic
stainless steels, such as AISI 4140, are typically strengthened through quenching and tem-
pering. However, they tend to exhibit progressive softening under cyclic loading due to the
instability of the fine martensitic microstructure [17]. Similarly, the performance of duplex
stainless steels is highly sensitive to thermal treatment parameters [18,19]. Insufficient
control of heat treatment parameters may lead to the precipitation of brittle intermetallic
phases, thereby compromising both toughness and corrosion resistance. In contrast, 310S
stainless steel, due to its high Cr and Ni content, exhibits greater thermal stability and
retains a single-phase austenitic structure even after thermal cycling.

In high-temperature applications, stainless steel conveyor belts, particularly those
made of 310S stainless steel, are widely used due to their excellent mechanical properties
and corrosion resistance. However, 310S stainless steel is susceptible to embrittlement and
damage when exposed to elevated temperatures [20], especially in environments involving
repeated bending and thermal cycling. Among these, bending and fixed strain tensile
tests are critical in evaluating its performance under operational conditions. Bending
tests simulate the cyclic stress encountered during conveyor operation, while fixed strain
tensile tests provide insights into the material’s behavior under constant strain at high
temperatures, helping to reveal crack initiation and propagation mechanisms.
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Although previous studies have extensively examined the high-temperature charac-
teristics of stainless steel, research focusing on short holding times and thermal cycling
applications remains limited [21,22]. This study provides a unique perspective by inves-
tigating the effect of short-term thermal cycling on crack propagation under subsequent
tensile tests and bending fatigue tests [23–26]. By integrating thermogravimetric analysis,
subsurface EPMA mapping, and TEM-based lattice distortion characterization, this work
provides a more comprehensive understanding of the deterioration mechanisms relevant
to thermal cyclic environments commonly encountered in industrial applications such as
high-temperature conveyor belts.

2. Experimental Procedures

In this study, 310S stainless steel wires with a diameter of 2 mm were selected as
raw materials, labeled as RM. The chemical composition of this material is provided in
Table 1 (Walsin Lihwa Co., Ltd., Taipei, Taiwan). The thermal fatigue specimens were
prepared using a thermal fatigue test machine (CGTH8-L10-400-BR, TOYO, Tokyo, Japan),
depicted in Figure 1, following the conditions: 900 ◦C (holding for 1 min), air-cooled to
room temperature (holding for 1 min), repeated for 100 cycles, and the specimen was
denoted as C100. The telescopic rod of the test machine allows for controlling the rate at
which specimens enter and exit the high-temperature environment. A thermal gravimetric
analyzer (Discovery TGA 55, TA Instruments, New Castle, DE, USA) under different
atmospheres was used to investigate possible reasons for the mass loss of stainless steel
and short-term oxidation behavior.

Table 1. Chemical composition of the as-received AISI 310S stainless steel (wt.%).

C Cr Ni Mn Si P S Fe

0.080 25.000 21.000 2.000 1.500 0.045 0.030 Bal.

 

Figure 1. Thermal cycling fatigue equipment schematic [20].

To establish the deterioration mechanism after thermal cycling, two mechanical tests
were conducted. Firstly, C100 specimens were subjected to tensile testing on a universal
testing machine (AGX-V2, SHIMADZU Corporation, Kyoto, Japan) to the fixed strain
levels of 16% and 32%, with the strain rates set at 8.33 × 10−3 s−1. Subsequent sub-surface
microstructural analysis was performed to confirm the characteristics of thermal cycling
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cracks and tensile crack growth properties. Secondly, both RM and C100 were subjected
to mechanical fatigue tolerance tests using a bending fatigue test machine (EJA Vantage,
Thwing-Albert, West Berlin, NJ, USA). Figure 2 illustrates the experimental setup for the
bending fatigue test employed in this study. The device allows for adjustment of the
spacing between fixtures to apply cyclic bending and recovery to the test specimens. The
loading was controlled by displacement, with a compression and tension rate (

.
ε) set at

50 mm/min. This displacement control was specifically chosen to ensure that the bending
deformation was concentrated at the center of the specimen, minimizing unintended
stress distribution near the grips. The fatigue test was performed until failure occurred
to determine the fatigue life of both RM and C100. Additionally, in order to examine
the early-stage microstructural response to bending, the number of cycles was fixed at
20 for a separate set of samples, labeled RM-B20 and C100-B20, and their degradation was
subsequently analyzed. RM, C100, RM-B20, and C100-B20 were subjected to grinding and
polishing for microstructural analysis using a metallographic microscope (VHX-7000N,
KEYENCE, Osaka, Japan).

Figure 2. Bend fatigue test schematic.

XRD analysis (ARL EQUINOX 100 X, Thermal Scientific, Waltham, MA, USA) was
conducted to analyze the phase composition in the 2θ range of 20◦ to 95◦. Electron mi-
croprobe analysis (JXA-8530F Field Emission Electron Probe Microanalyzer, JEOL, Tokyo,
Japan) and wavelength dispersive X-ray spectroscopy (JXA-8900R Electron Probe X-ray
Microanalyzer, JEOL) were employed to analyze the distribution of elements in the matrix
and sub-surface.

Differences in mechanical properties were evaluated using a Vickers hardness testing
instrument (HM-101, Mitutoyo, Kawasaki, Japan) with a load of 0.1 kgf and holding time
of 1 s; a tensile testing machine (AGX-V2, SHIMADZU Corporation, Japan) was used to
conduct the tensile test, and the strain rate was 1 × 10−3 s−1. The most noticeable areas
of heating and cooling for C100 specimens were near the surface of the specimens, and to
avoid intrusion of oxygen due to surface crack generation, the scanning electron microscope
system was used to select a 10 μm depth near the surface of C100 for TEM observation.
Each set of data is the average of 5–7 test values.

The selected area was etched down using a focused ion beam (Hydra Bio Plasma-FIB,
Thermo Fisher, Waltham, MA, USA), fixed on a C-type ring, and further thinned using
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the ion beam until TEM specimens were obtained. The C100 specimens etched using the
FIB system were analyzed using a transmission electron microscope (JEM-2100F CS STEM,
JEOL, Japan). The analysis included Mapping, SAED, and HR.

3. Results and Discussion

The microstructure and the tensile properties of the raw material are depicted in
Figure 3, with a hardness of approximately Hv177 and an average grain size of about
26.2 μm. TGA analysis was conducted for 1 h to investigate the initial oxidation behavior of
310S stainless steel. Considering that low-carbon alloy steels are prone to decarburization
in high-temperature environments and atmospheric conditions with a higher O2 partial
pressure, an Ar atmosphere was also established to reduce the gas partial pressure and
slow down the rate of decarburization. According to the thermal weight loss analysis
results (Figure 4), it was observed that under the condition of holding at 900 ◦C for 1 h, the
weight change was most significant in the first 10 min. After reaching equilibrium, 310S
stainless steel continued to undergo decarburization, reflected in the downward trend of
the thermal weight loss curve. Compared to the atmospheric atmosphere, 310S stainless
steel in an Ar atmosphere still showed weight increase due to oxidation behavior in the
first 10 min, as complete oxygen exclusion cannot be achieved inside the TGA instrument.
However, after 10 min, the higher O2 partial pressure in the atmospheric atmosphere made
it difficult for C elements to react and form volatile gases. This resulted in a slower increase
in the thermal weight loss curve, indicating that the Ar atmosphere provides protection for
stainless steel at high temperatures. Simultaneously, decarburization reactions occurred
during the 1 h holding time.

 
Figure 3. Stress–strain curve and microstructure of raw material (RM).

SEM and EPMA analyses were conducted on the sub-surface of the raw material as a
control group, as shown in Figure 5. The sub-surface matrix exhibited a uniform atomic
distribution without significant precipitates, while an oxide layer formed on the surface.
From the above results, it can be observed that the raw material exhibits a tendency toward
a uniform microstructure and elemental distribution, with no surface cracks.
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After subjecting the material to 100 cycles of temperature cycling between 900 ◦C
(holding for 1 min) and air cooling to room temperature (holding for 1 min), as depicted in
Figure 6, the microstructure exhibits significant changes, primarily characterized by the
formation of subgrains due to cyclic thermal stress. While the overall grain size remains
mostly unchanged, certain localized regions display smaller grains, suggesting the early
stages of recrystallization. This is likely due to the intense temperature fluctuations during
the cycling, leading to the continuous generation of defects within the crystal lattice. These
defects act as nucleation points for grain recrystallization and refinement. The changes in
microstructure are also reflected in the variations in mechanical properties. Investigation
of the fatigue material microhardness reveals a significant increase in hardness after the
material undergoes severe temperature cycling, consistent with the Hall–Petch relation.
The changes in microstructure are also reflected in the variations in tensile properties.

(a) 

(b) 

Figure 4. TGA analysis: 900 ◦C—holding time 1 h. (a) Atmospheric atmosphere, (b) Ar atmosphere.
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The tensile properties of C100 are shown in Figure 7, where an increase in tensile
strength is observed after the thermal fatigue test, primarily due to grain refinement. The
thermal expansion and contraction caused shear-induced defects in the lattice, leading to
grain recrystallization and refinement, thereby increasing the tensile strength. However,
the accompanying reduction in ductility after thermal cycling is consistent with findings
reported in previous studies on 310S and other high-temperature stainless steels [27–29].
In particular, the grain boundary carbide precipitation and surface embrittlement observed
during long-term isothermal aging in these studies are in agreement with the surface crack
formation noted in our C100 specimens.

 

Figure 5. EPMA elemental analysis of raw materials (RM).

 

Figure 6. Microstructure of thermal fatigue specimen C100 (grain size: 20.6 μm; hardness: hv 343).

Considering the significant changes in mechanical properties, further analysis of the
composition of the raw material and C100 was conducted via XRD analysis to investigate
whether the steel was affected by structural effects. The results, as shown in Figure 8, reveal
a remarkably high similarity between the XRD diffraction patterns of the raw material
and C100. Both exhibit γ-iron peaks, indicating that this condition does not induce phase
transformation in 310S. Therefore, the increase in tensile strength of 310S after thermal
fatigue can be attributed to the defect-induced grain recrystallization resulting from thermal
expansion and contraction.

However, solely from the perspective of grain refinement, it might be challenging to
explain the observed decrease in ductility of 310S after the thermal fatigue test. Additionally,

155



Materials 2025, 18, 2654

considering that 310S stainless steel may develop cracks or experience element segregation
due to uneven heating during cyclic temperature fluctuations, leading to possible crack
initiation, FIB and EPMA analyses were performed on the sub-surface of C100. From
Figure 9, the FIB image reveals a continuous oxidation film on the surface with a thickness
ranging from approximately 1.3 μm to 1.9 μm. Beneath the oxidation layer, cracks are
visibly propagating into the subsurface region, suggesting structural degradation due
to thermal fatigue. Additionally, the EPMA results shown in Figure 10 further support
these observations, highlighting the accumulation of silicon near the surface, which may
contribute to the embrittlement and crack formation observed in the FIB image. Considering
the possibility of crack generation after the thermal fatigue test, it is reasonable to assume
that these cracks may affect the ductility of the material.

Figure 7. Tensile stress–strain curve of C100.

 

Figure 8. XRD analysis of RM and C100.
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Figure 9. FIB image of C100 cross-section.

Considering that 310S stainless steel, used in this study, is mainly employed in high-
temperature conveyor belts that may experience relaxation and subsequent re-tightening
during actual operation, it is subjected to external mechanical forces. Therefore, after
undergoing thermal fatigue testing, tensile testing was conducted. The elongation was
set to 1/3 and 2/3 of the maximum elongation capacity of C100 (approximately 16% and
32%). The microstructural changes in C100 during tensile testing are illustrated in Figure 11.
From Figure 11, it can be observed that after experiencing elongations of 16% and 32%,
the near-surface cracks in C100 exhibit significant propagation due to tension. At 32%
elongation, the depth of the cracks has reached approximately 4–5 times that of C100
material. Therefore, it is inferred that the primary reason for the decreased ductility of 310S
stainless steel after thermal fatigue testing is likely due to crack propagation.

 

Figure 10. EPMA elemental analysis of near-surface cracks in C100.
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Figure 11. Crack Propagation in 310S Stainless Steel After Thermal Fatigue and Tensile Strain. (a) Sur-
face condition after thermal fatigue (100 cycles). (b) Thermal fatigue (100 cycles) followed by tensile
strain of 16%. (c) Thermal fatigue (100 cycles) followed by tensile strain of 32%. (d–f) Corresponding
microstructures with etching, showing crack propagation for (a), (b), and (c), respectively.

Further investigation into the relationship between cracks and grain boundaries, as
shown in Figure 11d–f, reveals that the majority of cracks in 310S stainless steel, after
undergoing thermal fatigue followed by tension, propagate transgranularly toward the
center of the 310S stainless steel. This characteristic is typical of brittle materials and con-
firms that 310S stainless steel indeed experiences embrittlement after thermal fatigue. This
implies that as the strain increases, there is an accelerating trend in crack propagation for
the fatigued material. Therefore, it is inferred that in higher strain ranges, cracks dominate
the mechanical property effects of the fatigued material more significantly. Consequently,
when comparing the ductility of RM and C100 with and without initial cracks, there is a
significant discrepancy between the two.

The mechanisms of subsurface initial cracks and their propagation are illustrated in
Figure 12. Figure 12a shows the element distribution and crack characteristics of 310S
stainless steel after thermal fatigue testing. Due to the severe thermal expansion and
contraction cycles near the surface caused by the thermal fatigue test, after 100 fatigue
cycles, cracks with an average initial depth of about 5 μm are generated. Subsequent
tensile stress after thermal fatigue leads to further propagation of these cracks, as shown in
Figure 12b. The crack propagation rate increases with the amount of elongation, resulting
in a decrease in the ductility of 310S stainless steel.

To integrate both thermal and mechanical fatigue effects on 310S stainless steel and
simulate service conditions in woven high-temperature conveyor belts, RM was used as
a control group. Both RM and C100 were subjected to bending fatigue tests. Microstruc-
tural observations from Figures 13 and 14 show that after bending fatigue, RM exhibited
clear signs of work hardening, with a significant increase in microhardness. The bending
fatigue induced the formation of deformation twins within the material, and cracks were
primarily observed in the upper region of the specimens, where tensile stress is concen-
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trated. In contrast, fewer cracks were found in the lower region under compressive stress.
Moreover, in the middle region under minimal stress, microstructural features remained
relatively well preserved under similar corrosion conditions. This hardening behavior
aligns with previously reported twin-induced strengthening in cold-worked austenitic
stainless steels [30–32]. Conversely, the absence of deformation twins in the thermally
fatigued specimens (C100) can be attributed to thermally activated recrystallization, which
eliminates dislocation structures and suppresses the conditions required for twin formation.

Figure 12. Mechanism of crack propagation after thermal fatigue. (a) Initial crack formation after
thermal fatigue. (b) Propagation of tensile strain-induced cracks.

 

Figure 13. Microstructural characteristics of RM before and after bending: (Before bending: HV177;
After bending: HV238; Fatigue life: 39 cycles).

159



Materials 2025, 18, 2654

 

Figure 14. Microstructural characteristics of C100 before and after bending. (Before bending: HV343;
After bending: HV329; Fatigue life: 27 cycles).

XRD analysis results from Figure 15 indicate that without stress-induced phase trans-
formations, the hardening observed in RM mainly stems from mechanical fatigue-induced
work hardening. In comparison, while RM exhibited a significant increase in hardness,
C100 showed no apparent increase after bending fatigue. This outcome may suggest that
the extent of work hardening due to the formation of new defects inside 310S stainless
steel after thermal fatigue, further contributing to work hardening, has limitations. This
indicates that there is a certain limit to the hardening degree due to defects, and after
undergoing thermal fatigue followed by bending tests, the material may have reached
this limit. The bending fatigue life of RM and C100 also indirectly corroborates this, with
C100, having defects formed internally due to thermal expansion and contraction, showing
poorer fatigue life.

 

Figure 15. XRD analysis: RM, RM with 20 bending fatigue cycles (RM-B20). C100, C100 with 20
bending fatigue cycles (C100-B20).
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The XRD analysis results in Figure 15 show a shift in the main peak (111) after bending
tests, indicating changes in the internal lattice constant due to applied external stress.
Additionally, a peak was observed in the XRD spectrum at 2θ = 32.5–35◦, identified as
Fe2O3 and Fe3O4 after comparison. It is inferred that under short-term thermal fatigue
conditions, Fe elements near the surface preferentially form iron oxide. Regardless of
thermal or bending fatigue, there were no significant structural differences observed in 310S
stainless steel, suggesting that stress-induced phase transformations cannot be observed
through XRD analysis under these conditions. While there were no significant changes in
peak width and position before and after bending fatigue tests for both RM and C100, the
peak shift was more apparent in C100. This suggests that defects formed internally due to
thermal expansion and contraction in 310S stainless steel after thermal fatigue, combined
with newly formed defects from cold working, create a larger stress field, leading to a more
pronounced effect on lattice deformation and peak shifts in XRD.

Figure 16 presents the results of near-surface TEM analysis. The mapping analysis
reveals a uniform distribution of elements within the image range. It indicates that under
the condition of 900 ◦C (holding for 1 min) � room temperature (holding for 1 min)
cycling 100 times, all elements exhibit homogeneous distribution. This is likely due to
the insufficient total holding time, preventing atoms from having enough time to move
at high temperatures. TEM diffraction analysis, as depicted in Figure 17a, shows that
the base phase is the γ-Fe lattice. Combined with the bright-field and SAED analysis in
Figure 17b, after 100 cycles, there is no apparent phase transformation near the surface of the
310S stainless steel. However, lattice distortion is observed, reflected in the deformation of
diffraction spots. Additionally, intense thermal expansion and contraction led to dislocation
clustering, corresponding to the XRD diffraction spectrum results for the C100 specimen. It
is inferred that thermal cycling causes lattice distortion, potentially satisfying the conditions
for stress-induced phase transformation locally. Consequently, the C100 specimen exhibits
embrittlement, with thermal cracking on the steel surface and hardening within the base
material due to lattice distortion.

 

Figure 16. TEM mapping analysis of C100.
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(a) 

(b) 

Figure 17. TEM analysis of C100. (a) SAED analysis. (b) Dislocation accumulation + diffraction patterns.

4. Conclusions

(1) Thermal fatigue testing subjects 310S stainless steel to cyclic thermal stress, induc-
ing lattice distortion, recrystallization, and localized grain refinement. High-temperature
cycling (from 900 ◦C to room temperature) promotes dislocation accumulation and grain
boundary movement, facilitating recrystallization. Additionally, atomic stacking faults
formed during thermal cycling contribute to the nucleation of annealing twins, a character-
istic feature of recrystallized grains.

(2) Subsurface crack formation and propagation reduce the ductility of 310S stainless
steel. These cracks act as stress concentrators, leading to premature failure under loading
and a marked reduction in the service life of 310S stainless steel. The combined effects of
thermal stress and mechanical fatigue testing exacerbate crack growth, making subsurface
cracks a critical factor in the degradation of ductility and structural integrity.

(3) The lattice distortion induced by thermal fatigue testing weakens the microstructure
of 310S stainless steel, increasing brittleness and reducing resistance to bending. This
facilitates the initiation and propagation of subsurface cracks, which expand further during
mechanical testing. The combined effects of lattice distortion and crack propagation
synergistically degrade the mechanical properties of the material.

(4) The results provide new insight into the deterioration mechanism of 310S stainless
steel under realistic thermal and mechanical service conditions, suggesting that even short-
term cyclic thermal exposure can accelerate embrittlement. Thus, more conservative design
approaches or protective measures may be necessary in industrial applications such as
high-temperature conveyor systems.
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Abstract: The effect of the temperature and strain rate during the hot rolling process on the
microstructural evolution in fine-grained Ni3Al intermetallic alloy doped with Zr and B
was examined in this work. The hot rolling process was carried out at an initial temperature
range of 1000, 1100, and 1280 ◦C and at a strain rate between 3.9 × 10−1 s−1 and 2.5 s−1.
The results of the EBSD microstructural analyses revealed that dynamic recrystallization
phenomena are initiated at the rolling temperature of 1100 ◦C, while a fraction of the
dynamically recrystallized grains further increases with both the rising temperature and
strain rate of the deformation process. Furthermore, to estimate the heat losses during the
hot rolling processing, a non-stationary heat transfer model was formulated and then used
to evaluate the experimentally received data.

Keywords: Ni3Al-based intermetallic alloy; hot rolling; dynamic recrystallization; EBSD
analysis; heat conduction model

1. Introduction

Ni3Al-based intermetallic alloys demonstrate superior characteristics compared with
conventional heat-resistant nickel-based superalloys, including significantly higher strength
at elevated temperatures, relatively lower density, and improved resistance to corrosive
environments. An analysis of the properties of these materials and their commercialization
potential has been extensively presented by Sikka et al. [1,2], Jozwik et al., [3], Jarosz
et al. [4], Sahare et al. [5], Sun and Yuan [6], and Tiwari et al. [7]. Their findings indicate
that Ni3Al intermetallics in bulk form are predominantly utilized in the fabrication of dies
and press tool components, equipment for furnaces used in thermochemical treatment, and
jet engine components. Considering the aforementioned unique physical and chemical
properties of these materials, their potential applications in the form of strips or foils in
various advanced components, including electromechanical systems (such as heat exchang-
ers, reactors, actuators, and glucose sensors), solar cells, automotive and aircraft engine
components, and thermocatalytic systems, have been proposed.

One possible approach to obtain Ni3Al strips and foils with enhanced strength and
ductility is hot plastic processing. Notably, the literature contains limited information
regarding the hot-working of Ni3Al-based intermetallic alloys. Furthermore, the available
studies are limited to only a few research examples related to the hot processing of bulk
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materials (i.e., samples with a dimension of at least 8 mm). The studies under consideration
include isothermal compression tests (Wang et al. [8], Wu et al. [9], Zhong et al. [10,11],
Prasad et al. [12]); hot extrusion (Guo et al. [13], Sheng et al. [14]); compression tests
with heated swages; and rotary working tests with localized heating evoked by friction
(Schindler et al. [15,16]). The results mentioned in these studies indicate that appropriately
selected parameters of the deformation process (temperature, strain rate and degree of
deformation, state of the initial structure, and a presence of alloying elements) lead to
microstructural changes in Ni3Al-based alloys as a result of dynamic recrystallization (DRX)
or post-dynamic recrystallization. As observed by Bhatia [17] and Ponge et al. [18], the DRX
of Ni3Al-based alloys can result in the presence of a “necklace structure” characterized by
fine recrystallized grains surrounding large primary grains of γ’ phase. Such a structure can
play a pivotal role in achieving the desired combination of high creep and low cycle fatigue
resistance. Despite these advances, the impact of specific hot deformation parameters on
the microstructural evolution and mechanical properties of Ni3Al-based alloys remains
insufficiently understood, particularly for materials in the form of thin strips or foils. It is
worth noting that the hot rolling process used in the presented work has many varieties
described in the literature, including rotational hot rolling (RHR) [19], asymmetric rolling
(ASR) [20], radial shear rolling (RSR) [21], corrugated rolling [22], etc.

The main objective of this study was to analyze the DRX-induced microstructural
changes in Ni3Al-based intermetallic strips. Because of the significantly limited dimensions
(thickness of approximately 1 mm), it should be assumed that the proposed hot plastic
processing will occur under conditions of intensive heat exchange between the treated
material strips and the working tools (rollers).

An additional aspect of this study is to explore the possibility of obtaining transient
strengthening states of Ni3Al-based alloys with the level of mechanical properties controlled
by the occurrence of the necklace structure obtained by hot rolling.

2. Experimental Procedure

The hot rolling process was performed on Ni3Al-based intermetallic alloy strips
with a chemical composition of Ni–22.1Al–0.26Zr–0.1B (at.%), using rolling mill sexto.
The material in the initial state (a strip of 150 mm × 30 mm × 1.12 mm) was obtained by
consecutive cold rolling and heat treatment (with strictly selected conditions of deformation
and recrystallization) to obtain a single-phase fine-grained structure (grain size of d~30 μm)
of the γ’ phase. Details of the Ni3Al strip production process were reported previously by
Jóźwik et al. [23–25]. The obtained material constituted the “initial” state for the hot rolling.
The processing was carried out by pre-heating the Ni3Al-based strips to 1000 ◦C, 1100 ◦C,
or 1280 ◦C. Various strain rate

.
ε values were applied: 3.9× 10−1 s−1, 9.9 × 10−1 s−1, 1.5 s−1,

or 2.5 s−1 (the last one was not used for T = 1280 ◦C). For all hot rolling conditions, the
total strain value (i.e., expressed as a relative thickness reduction) was 0.3, and it was set
in one pass. To eliminate the possibility of post-dynamic recrystallization in the material,
after each hot rolling operation, the samples were immediately (in less than 1 s) cooled in a
water bath. Then, an electric discharge machining was used to cut the obtained strips in a
plane perpendicular to the rolling direction located in the middle of the length of the rolled
material. Metallographic cuts were ground on SiC papers and mechanically polished using
diamond suspensions of 3 μm and SiO2 suspension of 0.1 μm. Microstructural studies
were performed by using a Quanta 3D FEG (Thermo Fisher Scientific, Waltham, MA, USA)
scanning electron microscope (SEM) equipped with an electron backscattered diffraction
detector (EBSD) (Ametek, Berwyn, PA, USA) at an accelerating voltage of 20 kV, a beam
current of 8 nA, and analysis step (depending on magnification) from 1 μm to 0.1 μm.
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Based on the results of the systematic EBSD mapping of crystallographic orientations,
the grain structure of the polycrystalline strips was reconstructed, revealing positions of
high- and low-angle grain boundaries, simultaneously. In turn, the maps of the surface
distribution of the poles of the mean crystallographic orientation of individual grains
inverse pole figure (IPF) maps were the basis for assessing the presence of privileged
crystallographic orientation and possible micro-texture. The analysis of structural changes
as a result of the performed hot rolling procedures was based on the measurements of
the degree of local disorientation of the crystal lattice in the volume of individual grains,
presented in the form of grain orientation spread (GOS) parameter maps. In this study, the
average GOS parameter, which shows the average value of the disorientation of the partic-
ular investigated area, was used. The analysis of the quality of the Kikuchi lines, thereby
determining the image quality (IQ) parameter, was also performed. The primary source of
imperfections in the measurements of the GOS and IQ parameters is the dependence of the
test results on factors related to both the measurement parameters used and the quality of
preparation. Therefore, during the sample preparation and testing, special attention was
paid to maintaining the repeatability of the applied experimental conditions [26–30].

Finally, hardness measurements were performed in the rolling plane using the Vickers
method (HV5), with a load of 5 kg and a 10 s loading time in single measurement (according
to the ISO 6507-1:2023 standard [31]), and the average value and standard deviation were
determined based on at least ten measurements for each tested material variant.

Additionally, to estimate the temperature changes in the Ni3Al strips during hot rolling,
a model of non-stationary heat conduction in a hot-rolled metal plate was formulated
using the Comsol/FEM (finite element method) ver. 6.3 (Comsol, Burlington, MA, USA)
calculation package (more details are shown elsewhere [32]).

3. Results and Discussion

The examined Ni3Al-based intermetallic alloy in the initial stage (before the hot rolling)
exhibited a single-phase fine-grained γ’ secondary solid solution structure (Figure 1). The
results of the EBSD analyses revealed the following features: (i) a dominant (approximately
95%) fraction of high angle grain boundaries (with a disorientation angle greater than 15◦

between neighboring grains) (Figure 1a), (ii) no visible crystallographic texture (Figure 1b),
and (iii) a very low value of the GOS parameter (internal grain orientation spread ≤ 1◦),
which is specific for a fully recrystallized material (Figure 1c).

 

Figure 1. EBSD maps of Ni3Al-based intermetallic alloy in the initial stage: (a) reconstruction of high
angle boundaries (blue color) and low angle boundaries (red color), (b) IPF map with high angle
boundaries (≥15◦) marked in black, and (c) internal grain orientation spread (GOS).

The GOS parameter (expressed in angular degrees) measures the scattering of the
crystal lattice misorientation inside an individual grain. This parameter assumes that
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plastic deformation in a metallic polycrystalline material is assisted by local changes in
the crystal lattice orientation in the volume of each individual grain. This crystal lattice
evolution is necessary to maintain the cohesion along the grain boundaries of a material
subjected to a plastic deformation. For thermally activated processes (i.e., recovery and
recrystallization), this parameter enables a quantitative assessment of the extent of these
processes, as presented by Schwartzer et al. [33], Conde et al. [34], and Esin et al. [35]. In
a polycrystalline structure, grains with a very low fraction of structural defects (typically
after the recrystallization process, as in the case of the analyzed alloy in the initial state)
show negligible differentiation of local crystallographic orientations, and the value of the
GOS parameter is ≤1◦. In turn, deformed grains with a high density of crystal defects
show a high value of internal misorientation and, therefore, a high value (GOS > 1◦) of
this parameter.

The IQ parameter expresses a strong relationship between the degree of crystal struc-
ture defects (e.g., as a result of plastic deformation) and the quality (blurring) of the
backscattered electron diffraction lines. The electron beam interacting with the surface
layer of the sample is dispersed on the crystal lattice’s defects, and the crystal planes’ cur-
vatures are “bent” due to plastic deformation. Consequently, the diffraction lines obtained
from the subareas with a high density of lattice defects are blurred and visible as dark.
According to Ku [26] and Alam et al. [36], IQ values can be correlated with the dislocation
density, thereby providing a means of quantifying the internal strain energy and residual
stress within a material. This correlation can be particularly valuable for understanding the
effects of thermal treatments and mechanical processing on material properties [37].

Hot rolling of the Ni3Al-based alloy to a strain value of 0.3 has a noticeable effect
on both the microstructure (Figures 2–7) and hardness (Figure 8) of the tested material,
depending on the applied temperature and the strain rate. The results of EBSD analyses
(compare Figures 1–3) showed a limited extent of structural reconstruction. A comparative
assessment of the GOS parameter for the material after the hot rolling showed a noticeable
increase in its value compared to the starting material (the non-deformed one), with the
presence of grains exhibiting a GOS >10◦ (compare Figures 1c, 2a,c,e, and 3a,c,e).

 

Figure 2. The grain orientation spread (GOS) maps (a,c,e) and IPF maps of with high angle boundaries
(≥15◦) marked by black lines (b,d,f) of Ni3Al-based strips after hot rolling up to 0.3 strain, at a strain
rate

.
ε = 3.9 × 10−1 s−1, at the initial temperatures of (a,b) 1000 ◦C, (c,d) 1100 ◦C, and (e,f) 1280 ◦C.
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Figure 3. The grain orientation spread (GOS) maps (a,c,e) and the IPF maps with high angle bound-
aries (≥15◦) marked by black lines (b,d,f) of Ni3Al-based strips after hot rolling up to 0.3 strain, at a
strain rate of

.
ε = 2.5 s−1, at the initial temperatures of (a,b) 1000 ◦C and (c,d) 1100 ◦C, and at a strain

rate of
.
ε = 1.5 s−1 at a temperature of 1280 ◦C—(e,f).

 

Figure 4. The results of quantitative EBSD analyses obtained for the investigated material: (a) average
GOS values and (b) relative IQ values.

The quantitative evaluation of the averaged GOS parameter values clearly shows the
impact of the rolling parameters on the extent of the structural reconstruction (Figure 4a). A
much more significant influence of the deformation temperature was observed in relation
to the strain rate. For the hot rolling process carried out at the high strain rate (

.
ε ≥ 1.5 s−1),

a similar tendency was observed. An almost linear dependence of the average GOS
value on the temperature was obtained (Figure 4a). The influence of a high strain rate
on the course of DRX is also indicated by the analysis of the IQ parameter—for the value
.
ε ≥ 1.5 s−1—increased almost linearly with the deformation temperature (Figure 4b). The
IQ parameter value did not show a significant dependence on the temperature due to the
hot rolling at a strain rate

.
ε of 3.9 × 10−1 s−1, and the observed changes were insignificant

(approximately 3%).
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Figure 5. The EBSD IPF maps with high angle boundaries marked by black lines of Ni3Al-based
intermetallic alloy after hot rolling at T = 1000 ◦C at

.
ε of (a,b) 3.9 × 10−1 s−1 and (c,d) 2.5 s−1.

 

Figure 6. The EBSD IPF maps with high angle boundaries marked by black lines of Ni3Al-based
intermetallic alloy after hot rolling at T = 1100 ◦C and

.
ε of (a) 3.9 × 10−1 s−1 and (b) 2.5 s−1.

 

Figure 7. The EBSD IPF maps (high angle boundaries marked by the black lines) of Ni3Al-based
alloy after hot rolling at T = 1280 ◦C and at

.
ε of (a) 3.9 × 10−1 s−1 and (b) 1.5 s−1.
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Figure 8. Influence of strain rate
.
ε and initial temperature of stock on Vickers hardness of Ni3Al-based

strips (average values).

The results of more detailed EBSD analyses carried out by using higher magnifica-
tions revealed the locally occurring effects of thermally activated processes with intensity
dependent on the values of the applied processing parameters (Figures 5–7). The material
deformed at T = 1000 ◦C, with a strain rate of 3.9 × 10−1 s−1 (Figure 5a,b), did not show
the presence of structural features that are typical for the DRX.

Increasing the strain rate at this temperature resulted in a growing fraction of very
fine DRX grains (Figure 5). The serration of primary grain boundaries was observed
(Figure 5c,d) in the sample hot-rolled at T = 1000 ◦C and at a strain rate of 2.5 s−1. Analogous
observations were reported by Ponge et al. [18], Sakai et al. [38], and Koundinya et al. [39],
according to whom such structural features are specific to a deformation temperature
lower than the critical temperature for initiating the dynamic recrystallization process. The
serration of grain primary boundaries was also observed after the hot rolling at T = 1100 ◦C
and at a strain rate of 9.9 × 10−1 s−1.

Therefore, an increase in the initial strip temperature (up to 1100 ◦C) promotes the
formation of new grains by the DRX in sites with the highest stress concentration, i.e., the
triple-junctions of grain boundaries (Figure 6), as well as along the straight segments of
primary grain boundaries. The share of grain boundary segments affected by the DRX
increased with an increase in the strain rate, which was also reflected in the observed
decrease in the strain strengthening (Figure 8).

After the hot rolling at T = 1280 ◦C, the material showed the largest share of DRXed
grains both in the triple-junction grain boundaries and along the primary grain boundaries
(Figure 7b). As reported by Bhatia et al. [17], the tendency to form necklace structures in the
Ni3Al-based alloys is caused by the tendency of planar slip and difficulty of cell formation
inside the grains. Karnthaler et al. [40], Kruml et al. [41], and Wang et al. [42] have classified
the Ni3Al-based alloys as high stacking fault energy (SFE of approximately 240 mJ/m2)
materials. However, the results of studies by Jozwik et al. [23,25] and Polkowski et al. [43]
indicate that the behavior of materials from this group under plastic deformation conditions
and subsequent thermally activated processes is more similar to that of low SFE materials,
as they are characterized by intensive strain hardening (resulting from hindered transverse
slip of screw dislocations and a tendency to form flat stacking of dislocations on obstacles).
Furthermore, as shown by Schindler et al. [15,16], the low SFE of Ni3Al-based alloys
decreases susceptibility to the DRX. Consequently, a higher strain concentration at grain
boundaries is obtained leading to the DRX in the necklace structure. Such a microstructure
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rebuilding, which is very similar to the model presented by Ponge et al. [18], was observed
in the material after the hot rolling at a strain rate

.
ε = 1.5 s−1 (Figure 7b).

Regardless of the applied hot rolling process parameters, the deformed material
showed a slight increase in hardness as compared with the initial material, resulting from
the increased stored deformation energy (Figure 8). Regardless of the applied hot rolling
temperature, the increase in the strain rate resulted in a decrease in the strain hardening
of the material. It was mostly visible in the case of the process conducted at the highest
strain rate (i.e., 2.5 s−1). The obtained results correspond to the discussed changes in the
EBSD examined microstructure (Figures 2–7). In other words, the microstructural evolution
is dominated by a dynamic recovery process with the DRX limited to some micro-areas.
As the dynamic recovery creates low-energy dislocation systems (polygonal walls and
subgrains), it effectively contributes to a reduction in the total energy stored.

The obtained results show that under the applied experimental conditions, a higher
strain rate favors the microstructure evolution by both the DRX and dynamic recovery.
This unusual relationship is probably due to the very low heat storage of the rolled Ni3Al
strips; that is, the initial thickness was 1.12 mm (for comparison, the smallest dimension
of the Ni3Al samples analyzed in the literature is 8 mm), which, in combination with cold
work rolls, resulted in greater heat losses, leading to a significant reduction in the actual
material temperature during the deformation process. Consequently, a higher strain rate
corresponded to a relatively higher process temperature.

To estimate the possible temperature changes in the Ni3Al strips during the hot rolling,
as well as to verify the obtained research results, a non-stationary model of heat conduction
in a hot-rolled metal plate was formulated.

Regardless of the applied hot rolling process parameters, the deformed material
showed a significant increase in hardness as compared with the initial material, resulting
from the increased stored deformation energy (Figure 8). Regardless of the applied hot
rolling temperature, the increase in the strain rate resulted in a decrease in the strain
hardening of the material. It was mostly visible in the case of the process conducted at the
highest strain rate (i.e., 2.5 s−1). The obtained results correspond to the discussed changes
in the EBSD examined microstructure (Figures 2–7). In other words, the microstructural
evolution is dominated by a dynamic recovery process with the DRX limited to some
micro-areas. As the dynamic recovery creates low-energy dislocation systems (polygonal
walls and subgrains), it effectively contributes to a reduction in the total energy stored.

3.1. A Non-Stationary Heat Conduction Model in a Strip

The primary purpose of the modeling was to qualitatively determine the temperature
changes. For this purpose, the issue was simplified to a model of a heat source moving
across the surface of the component. Thus, a contact surface having a linear dimension d
was set as the source of heat and, at the same time, the heat receiver (Figure 9).

Figure 9. Schematic diagram of the numerical model of heat conduction in a rolled plate (description
in the text).
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To determine the temperature changes and strain distribution, the presence of the
following phenomena were analyzed [44]: (i) the heat conduction in the workpiece to be
deformed (i.e., the Ni3Al strip); (ii) convective and radiative heat losses from the workpiece
surface to the environment; (iii) the heat conduction in the machining tool (roller); (iv) the
contact heat transfer resistance between the workpiece and the tool; (v) the friction between
the workpiece and the roller surface contributing to the surface heat source; (vi) the
elastic deformation of the workpiece; (vii) the plastic deformation constituting volumetric
heat sources, (viii) the elastic relaxation of the material as it comes off the roller; and
(ix) the change in the relative velocity of movement of the workpiece and the roller due to
deformation. In the presented simplified model of a moving heat source, only phenomena
(i)–(iv) were directly taken into account. A phenomenon that is usually overlooked at this
stage of simplification is the volumetric shrinkage caused by thermal expansion.

The relatively large value of the ratio of the wafer width to its thickness provides a jus-
tification for adopting a simplified two-dimensional heat conduction model. A geometrical
scheme of the model is illustrated in Figure 9.

Thus, the issue was reduced to a two-dimensional model of a non-stationary heat
transfer in a plate with dimensions of 195 mm × 0.56 mm, subjected to a surface moving
heat source (surface a in Figure 9) [45]. A symmetric condition in the plane containing the
Ox axis was assumed (surface b in Figure 9), while the convection and radiation losses
were considered for other surfaces (surface c in Figure 9). Due to the lack of data on the
constitutive model, the volumetric heat sources accompanying plastic deformation, as well
as the surface frictional heat source, were omitted. An evaluation of the literature data
shows that despite the noticeable impact of these effects, they do not play a dominant
role in shaping the temperature distribution at a relatively high initial temperature of the
hot-machined workpiece (i.e., Ni3Al strip).

The mathematical equations describing the considered model (in the Oxy coordinate
system, Figure 9), are as follows:

• equation for transient heat conduction:

ρcp
∂T
∂τ

+∇(−λ∇T) = 0; (1)

• initial homogeneous condition:

T(x, y, τ = 0) = T0; (2)

• boundary condition for the adiabatization of the horizontal center symmetry surface
of the plate (surface marked as “b” in Figure 9):

∂T
∂y

∣∣∣∣
S
= 0; (3)

• boundary conditions of convective and radiative heat loss (surfaces marked “c” in
Figure 9, “n” is a normal direction to surfaces c):

−λ
∂T
∂n

∣∣∣∣
S
= α · (T|S − Tamb) + ε σ

[
(T|S)4 − Tamb

4
]
; (4)

• the displacement contact zone is modeled by the additional contact loss (surface
marked as “a + c” in Figure 9) of the plate surface with the surface of the cylinder at
ambient temperature, with the value of the thermal contact resistance rcont:

173



Materials 2025, 18, 3016

−λ
∂T
∂y

∣∣∣∣
S
= hr · (T|S − Tamb) =

1
rcont

· (T|S − Tamb) for − w · τ < x < −w · τ + d (5)

The last boundary condition was applied in superposition with Equation (4). The
equation describes contact with the cylinder surface excluding radiation losses and con-
vective losses. On the other hand, in the considered case, these losses account for only
approximately 2% of the losses caused by a heat transfer through the contact zone. Because
determination of the value of thermal contact resistance is subjected to a larger error and be-
cause of the need for computational optimization of the numerical model, the arrangement
of conditions (4) and (5) remained unchanged.

3.2. Numerical Model

The tools of the Comsol/M FEA (finite element method) calculation package were
used to build the numerical model. The temperature dependence of the material parameters
of the analyzed alloy was considered (Table 1) by extrapolating data from the studies by
Panas et al. [46] and Terpilowski [47]. Table 2 presents the values of the parameters defining
the boundary conditions developed based on the analysis of the criterion relations of the
heat transfer issue and the data contained in the aforementioned monograph by Lenard
et al. [43]. Based on these data, the value of the equivalent heat transfer coefficient in the
contact resistance zone was assumed to be 13,000 W × m−2 × K−1, which corresponds to
the value of rcont given in Table 2.

Table 1. Material properties adopted for the calculations based on extrapolation of the results of
measurements by Panas [46] and Terpilowski [47] for the Ni-22.1Al-0.26Zr-0.1B (at.%) alloy.

Temperature Specific Heat
Relative

Elongations
Density

Thermal
Diffusivity

Thermal
Conductivity

t
[◦C]

cp
[J·kg−1·K−1]

ε
[mm·m−1]

ρ
[kg·m−3]

a
[mm2·s−1]

λ
[W·m−1·K−1]

0 466 −0.31 7592 4.27 15.1
100 482 0.91 7564 4.75 17.3
200 499 2.21 7535 5.24 19.7
300 515 3.58 7504 5.73 22.1
400 532 5.02 7472 6.21 24.7
500 548 6.54 7438 6.70 27.3
600 564 8.13 7403 7.18 30.0
700 581 9.80 7366 7.67 32.8
800 597 11.54 7328 8.16 35.7
900 614 13.35 7289 8.64 38.7
1000 630 15.23 7249 9.13 41.7
1100 647 17.19 7207 9.61 44.8
1200 663 19.22 7164 10.10 48.0
1300 680 21.33 7120 10.59 51.2

Table 2. The values of parameters characterizing the initial and boundary conditions adopted for the
calculations.

Temperature
Heat

Transfer Coefficient
Thermal Contact

Surface Resistance
Surface Emissivity

t
[◦C]

T
[K]

α
[W·m−2·K−1]

rcont
[m2·K·W−1]

ε
[-]

20 293 10 7.69 × 10−5 0.7
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The analysis considered the realistic conditions of the rolling process, including the
thermal exchange between the sample and its environment during the 1 s period from
when the sample was removed from the furnace to when it came into contact with the
rollers. Consequently, the initial temperature of the stock was reduced, i.e., from 1280 ◦C of
the initial temperature of stock to 1210 ◦C, from 1100 ◦C to 1056 ◦C, and from 1000 ◦C to
967 ◦C. Regular rectangular finite elements were used for calculations. A division of eight
elements was used in the vertical direction, and 780 elements were used in the horizontal
direction. The horizontal division density was set as 1 mm. Numerical simulations of the
heat conduction process were performed with a constant time step. For the highest strain
rate (i.e., 2.5 s−1), the time step was 0.0015 s, and for the lowest (i.e., 3.9 × 10−1 s−1), it was
0.0075 s.

To visualize the obtained calculation results, control points were defined at the rolled
band side surface and core (Figure 10):

• In the plane perpendicular to the rolling direction, core (points A, C, and E) and contact
surface of the rollers (points B, D, and F).

• In the plane parallel to the rolling direction, the beginning (points A and B), center
(points C and D), and the end of the sample (points E and F).

In terms of the 2D nature of the model, the points represent lines parallel to the roller
axis. In the model, it was assumed that points A and B were located 10 mm from the start
of the sample, points C and D were positioned at the center of the sample, and points E
and F were placed 10 mm before the sample’s end.

The results of the modeling showed a significant effect of the strain rate on the change
in the material temperature during the rolling process. As expected, the most significant
changes in each of the analyzed cases were observed at the surface of the sample directly
in contact with the rollers (points: B, D, and F, respectively). After an initial decrease in the
temperature of the band, a slight increase was observed because of the heat transmission
from the core of the material and the heating of the rollers. Owing to its higher heat capacity,
the core point (i.e., points A, C, and E) turned out to be slightly more temperature stable,
and the observed changes occurred with significantly lower intensity (Figure 10).

The greatest cooling of the rolled band was observed for the highest initial temperature
of stock, i.e., 1280 ◦C (reduced before contact with the rollers to 1210 ◦C as a consequence of
the heat exchange with the environment) and the lowest strain rate (i.e.,

.
ε = 3.9 × 10−1 s−1).

Under these conditions, the temperature gradient was the most significant, and the contact
time between the rollers and the workpiece material was the longest. Consequently, the
temperature in the core of the material decreased by approximately 280 ◦C at the beginning
and 410 ◦C at the end of the sample. Notably, despite the largest temperature change
among the analyzed cases, its value remained above 800 ◦C throughout the deformation
process. The increase in the strain rate for this processing temperature resulted in a
significantly higher value of the temperature during deformation (i.e., above 1070 ◦C
for

.
ε = 1.5 s−1) owing to the shorter contact time of the rollers with the material. The

analyzed temperature changes correspond with the observed microstructural restoration
by dynamic recrystallization, the contribution of which increases with the increasing strain
rate (Figure 7).

At the initial temperature of the stock to 1100 ◦C, which was reduced to 1056 ◦C by
losses related to heat exchange with the environment, and the strain rate

.
ε = 3.9 × 10−1 s−1,

there was less cooling of the material, by approximately 250 ◦C at the beginning and
340 ◦C at the end of rolling, respectively. However, it is worth noting that, in this case,
the temperature decreased to approximately 800 ◦C at the beginning and 720 ◦C at the
end of the band. As shown by the studies of Prasad et al. [12], Schindler et al. [15,16],
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and Jóźwik et al. [19,24], this value was not sufficient to initiate recrystallization processes.
Consequently, for these rolling conditions (i.e., 1100 ◦C of the stock and

.
ε = 3.9 × 10−1 s−1),

only a slight visible rebuilding effect in the microstructure by dynamic recrystallization was
observed (Figure 6), with a simultaneous reduction in the strengthening of the materials
under these conditions (Figure 8). Increasing the strain rate

.
ε to 2.5 s−1, with an initial

stock temperature of 1100 ◦C, resulted in a reduced heat transfer with the rollers and
consequently a higher material temperature in the core during the deformation process,
which was approximately 1010 ◦C at the beginning and 990 ◦C at the end of the band.
As with the deformation at highest initial temperature of stock (i.e., 1280 ◦C), dynamic
recrystallization processes are most evident for the highest strain rate, which provides the
shortest contact time between the rollers and the material (Figure 4).

 

Figure 10. The course of temperature changes obtained from the numerical model at individual
points of the rolled strip during hot rolling ((a,c,e)—core, (b,d,f)—surface).
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A further decrease in the temperature of the stock down to 1000 ◦C (reduced to
967 ◦C by losses related to heat exchange with the environment) and the strain rate
.
ε = 3.9 × 10−1 s−1 resulted in a temperature decrease to approximately 740 ◦C at the be-
ginning and 670 ◦C at the end of the band. As previously mentioned, this temperature
was definitely too low to initiate the dynamic recrystallization process. As a result, no
visible effects of the microstructure evolution by dynamic recrystallization were observed
under these rolling conditions (Figure 5). Simultaneously, the level of strengthening was
the highest among all the analyzed process conditions (Figure 8). Increasing the strain
rate

.
ε to 2.5 s−1, with a constant temperature of stock (i.e., 1000 ◦C), resulted in a higher

material temperature in the core during the deformation process: 925 ◦C at the beginning
and 910 ◦C at the end of the band.

Similar to the deformation processes realized at 1280 ◦C and 1100 ◦C, the dynamic
recrystallization process was mostly observed for the material processed at the highest
strain rate

.
ε because of the lower undercooling and higher rolling temperature (Figure 10).

Finally, considering the corrected temperature in the core of the material (obtained
from the model, Figure 10, point C), an almost linear effect on strengthening was observed
(Figure 11). It is a macroscopic determinant of the intensity of the heat-activated processes
of the structure restoration (recovery and recrystallization), which consequently fully
correspond to the analysis of EBSD results presented above (Figures 4–6).

Figure 11. Effect of the numerical modeling-determined temperature in the core of Ni3Al strips’
center (Figure 10, point C) during rolling on HV5 hardness, taking into account the rolling process
parameters (average values).

4. Summary and Conclusions

The conditions of the hot rolling process applied in this study noticeably affect the
microstructure of Ni3Al strips by inducing local dynamic recrystallization phenomena.
Simultaneously, the hot deformation processing induces an intensive increase in strengthen-
ing. The observed behavior suggests the potential for hybrid process development, which
warrants further investigation. Such an increase in strength suggests that a significant part
of the strain energy was stored in the material during hot forming, which demonstrates
the limited extent of the structural evolution through dynamic restoration processes (re-
covery and recrystallization). The unusual effect of the strain rate on the aforementioned
microstructure rebuilding processes was verified using a model of non-stationary heat
conduction. Based on the obtained modeling results, a significant effect of the strain rate
on the temperature of the material during rolling was found. The low heat capacity of
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Ni3Al strips with an initial thickness of 1.12 mm combined with cold working rolls, caused
a significant reduction in the actual temperature of the deformation process. Consequently,
a higher strain rate

.
ε corresponds to a higher material temperature during deformation.

Considering some limitations of the model adopted in this study (i.e., no in situ temper-
ature measurement of the material temperature during deformation, the use of estimated
thermal contact resistance values, and the assumption of uniform initial conditions across
the strip), the authors plan to verify them in real conditions.
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Abbreviations

The following abbreviations are used in this manuscript:

.
ε Strain rate
DRX Dynamic recrystallization
EBSD Backscattered diffraction detector
IPF Inverse pole figure
GOS Grain orientation spread parameter
IQ Image quality parameter
SFE Stacking fault energy
ρ Density
cp Specific heat
T Temperature in Kelvin
t Temperature in ◦C
Tamb Ambient temperature
τ Time
λ Thermal conductivity
x Horizontal coordinate
y Vertical coordinate
α Heat transfer coefficient
ε Surface emissivity
σ Stefan–Boltzmann constant
hr Thermal contact heat transfer coefficient
rcont Thermal contact surface resistance
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Abstract: Aluminum alloys based on the eutectic Al–Ni system are a promising class
of lightweight materials for applications at elevated temperatures owing to the thermal
stability of the eutectic Al3Ni phase. In this study, the eutectic Al–Ni alloy was modified
by the addition of 0.6 wt.% Zr to enhance the αAl matrix by precipitation strengthening.
The alloys were cast and subjected to T5 heat treatment followed by long-term isothermal
aging at 350 ◦C. A comprehensive study was carried out to evaluate the evolution of
microstructure, microhardness and mechanical performance over time. The formation of
fine, coherent L12-Al3Zr precipitates contributed to significant strengthening, as reflected
by a ~60% increase in microhardness and an approximately twofold improvement in room
temperature (RT) yield strength. A TEM analysis of the L12-Al3Zr precipitates showed
relatively good thermal stability after 30 days. Despite the improved mechanical properties
at room temperature, the alloy did not retain this improvement when tested at 300 ◦C.
Nevertheless, these results provide a comprehensive insight into the aging and thermal
stability of Al–Ni–Zr alloys.

Keywords: aluminum–nickel eutectic; precipitation strengthening; L12-Al3Zr precipitates;
microhardness; accelerated creep test

1. Introduction

In the search for a castable aluminum alloy that can withstand high temperatures (i.e.,
above 200–300 ◦C) [1], binary alloys from Al–Ni, Al–Ce and Al–La systems have attracted
increasing research interest [2–7]. The Al–Ni binary system has a eutectic composition at
6.1 wt.% Ni, and this eutectic alloy exhibits desirable properties such as good castability
and resistance to hot-tearing [8,9]. During solidification, the eutectic alloy from the Al–Ni
system forms eutectic colonies consisting of the Al3Ni eutectic phase, which is characterized
by a fibrous or rod-like morphology and is surrounded by an αAl matrix. While the Al3Ni
fibers exhibit good thermal and chemical stability at elevated temperatures [10,11], the
αAl matrix remains relatively soft due to the limited solubility of Ni in αAl. Therefore,
additional alloying elements are required to increase the strength of the αAl matrix.

Previous studies have shown that the addition of transition metals (TMs) and rare
earths (REs) to dilute aluminum alloys promotes precipitate formation upon aging, which
significantly improves the properties of the matrix [12,13]. These precipitates predomi-
nantly form intermetallic tri-aluminide phases with a general stoichiometry of Al3X (where
X = Zr, Ti, Sc and Er) [14–16]. In particular, Al3Zr and Al3Ti precipitates initially form
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a metastable cubic L12 structure, while Al3Sc and Al3Er directly form stable cubic L12

structures [12]. The presence of these intermetallic phases contributes significantly to the
high-temperature stability of the alloy [14,17], effectively inhibits recrystallization [18,19]
and improves the creep resistance of aluminum alloys [20,21]. Small additions of alloy-
ing elements such as Zr and Sc to the eutectic Al–Ni system provide a viable means of
introducing additional precipitation hardening to complement the inherent benefits of
the eutectic microstructure. Previous studies on Sc and Zr additions in the Al–Ni system
indicate positive effects on mechanical properties, including increased microhardness at RT
and improved creep resistance [22,23].

This study investigates the feasibility of the widespread production of a castable Al–Ni–Zr
alloy that exhibits increased thermal stability above 250 ◦C. Such an alloy would be well suited
to high-temperature applications in the automotive, aerospace and power generation indus-
tries, including components such as aluminum pistons and water-jacketed turbine housings.
To achieve the desired alloy composition, non-equilibrium solidification conditions must be
maintained, as higher cooling rates promote the increased supersaturation of Zr within the αAl

matrix [24]. After solidification and subsequent heat treatment (T5), the formation of Zr-rich
precipitates occurs, as confirmed by previous studies [23]. Based on the results of our previous
research [25], an aging temperature of 350 ◦C was chosen to optimize the precipitation process
and thus maximize the precipitate strength throughout the microstructure without negatively
affecting the integrity of the eutectic phases. The objective of this study was to investigate the
influence of small Zr addition to the eutectic Al–Ni alloy system and the subsequent aging
treatment at 350 ◦C. The main focus was on characterizing the microstructural evolution and
evaluating the changes in microhardness during the aging. In addition, tensile tests and accel-
erated compressive creep tests were performed to quantitatively evaluate the strengthening
effects associated with the precipitation of Al3Zr precipitates.

2. Materials and Methods

The experimental alloys were produced using an electric resistance furnace from
technically pure aluminum (99.7%; Mozal SA, Boane, Mozambique), high-purity nickel
(99.99%; F. Bauerstatter GES.M.B.H, Vienna, Austria) and an Al–10 wt.% Zr master alloy
(KBM Affilips, Oss, The Netherlands). Two alloy compositions were investigated: Al–6.1Ni
(referred to as AN) and Al–6.1Ni–0.6Zr (referred to as ANZ). The materials were melted in
a graphite crucible and held at 850 ◦C for at least 30 min after the addition of the Al–Zr
master alloy to ensure the complete dissolution of the alloying elements. Before casting,
the melt was mechanically stirred and the oxide film was removed from the surface. The
prepared melt was then poured into a copper mold, resulting in a test specimen with a
dimension of 24 mm × 12 mm × 130 mm.

The casting alloys were aged in air at 350 ◦C in a muffle furnace EUP-K 20/1200 (Bosio,
Celje, Slovenia) and then immediately quenched in water to ambient temperature. The desig-
nation of heat-treated samples follows the format Alloy-x, where x indicates the duration of
aging at 350 ◦C in hours. For example, the designation ANZ-12 refers to the Al–Ni–Zr alloy
that has been aged at 350 ◦C for 12 h. The samples for microstructural characterization by
light optical microscopy (LOM) and scanning electron microscopy (SEM) were first ground
with emery paper with increasing grain sizes of 600, 800, 1000 and finally 1200. The samples
were then polished with 3 μm diamond paste, followed by a final polish with 1 μm diamond
paste. The LOM analyses were carried out using Axioscope 5 (Carl Zeiss GmbH, Oberkochen,
Germany). The chemical composition of the alloys was determined by energy dispersive X-ray
spectroscopy with Ultim Max-EDS (Oxford Instruments, Oxford, UK) using a Quanta 650
(Thermo Fisher Scientific, Waltham, MA, USA) SEM operated at an accelerating voltage of 20
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kV over an analyzed area of 2.5 mm × 2.5 mm. At least three measurements were performed
per sample at randomly selected positions. An additional analysis of the phase fraction was
carried out using SEM micrographs and the open-source software Fiji (ImageJ-version 1.54p).
The characterization of the precipitates was carried out using a JEM-2100 transmission electron
microscope—TEM (JEOL, Tokyo, Japan)—operated at an accelerating voltage of 200 kV. The
TEM samples were first mechanically ground to a thickness of approximately 80 μm and then
dimpled to a thickness between 20 and 30 μm. The final thinning was carried out using a
precision ion polishing system—PIPS model 691 (Gatan, Ametek, Pleasanton, CA, USA)—with
argon ions, starting with an ion energy of 4.5 keV and ending with a low-energy polishing step
at 2 keV.

Vickers microhardness measurements were carried out using a Wilson VH 1202 (Buehler,
Bühler, Switzerland) hardness tester under the HV 0.1 load scale, with at least ten individual
measurements per sample. Electrical conductivity was assessed with a Hocking Phasec 2s
(General Electric, Evendale, OH, USA) with a 960 kHz probe, with a minimum of four measure-
ments per sample. The tensile tests were performed using a Z250 (Zwick Roell, Ulm, Germany)
universal testing machine equipped with a 50 kN load cell and a HTO-08 (Maytec, Singen,
Germany) heating furnace. The tensile specimens were machined and heat-treated according to
ASTM E8M-04 [26] to achieve the desired condition. Cylindrical specimens with a diameter of 5
mm and a length of 10 mm were prepared for accelerated compression creep tests. These creep
tests were performed with a DIL 805A/D (Ta Instruments, New Castle, DE, USA) dilatometer,
applying a constant compressive force at predefined temperatures. The applied forces were
selected based on previous compression tests at corresponding temperatures so that the applied
stresses were between 0.4 and 0.6 of the Rp0.01 value for both alloy types. Accelerated creep
tests were carried out at temperatures of 250, 275 and 300 ◦C on samples that had previously
been heat-treated.

3. Results and Discussion

3.1. Chemical Composition

The chemical composition and designation of the alloys produced are provided in
Table 1. The chemical compositions were determined using an SEM with an EDS detector.
The traces of Fe detected in the alloys (Table 1) originated as impurities from technically
pure aluminum and the Al–Zr master alloy.

Table 1. SEM analysis of chemical composition and designation of alloys in wt.%.

Expected Composition Ni Zr Fe Al Designation

Al-6.1Ni 6.41 ± 0.14 0.00 0.14 ± 0.02 bal. AN
Al-6.1Ni-0.6Zr 6.28 ± 0.01 0.56 ± 0.1 0.11 ± 0.05 bal. ANZ

3.2. Microhardness and Electrical Conductivity

Figure 1 shows the evolution of microhardness and electrical conductivity for the AN and
ANZ alloys during aging at 350 ◦C. As can be seen in Figure 1a, the AN alloy shows a minimal
change in microhardness aging from an initial value of 62 HV0.1 to approximately 58 HV0.1.
Comparable values for the as-cast microhardness of the Al-6Ni alloy were previously reported
by Suwanpreecha et al. [22] and Michi et al. [27]. Furthermore, Suwanpreecha also reported
unchanged microhardness after the exposure of Al-6Ni at 350 ◦C for a duration of two months.
In contrast, the ANZ alloy shows considerable precipitation strengthening upon aging. The
ANZ alloy initially has a lower microhardness than the AN alloy. Although Zr is added to
the solid solution, the strengthening effect of the solid solution is less pronounced than the
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microstructural changes induced by the Zr addition. The microhardness behavior of an alloy
with a comparable chemical composition has already been described in our earlier work [25].
During the initial 6 h of aging, a modest increase in microhardness is observed, followed by
a significant increase after 12 h, indicating a pronounced age-hardening effect. Accordingly,
the values of electrical conductivity closely follow the trend of microhardness. The peak value
of microhardness is reached after about 48 h of aging with 92 HV0.1, an increase that can be
attributed to the formation of fine, coherent Zr-containing precipitates. In comparison, Belov
et al. [28] and Michi et al. [27] reported peak-aged microhardness (780 and 850 MPa), although
the aging was carried out at a higher temperature (400 ◦C) and shorter time (24 h and 20 h),
respectively.

 

Figure 1. Evolution of Vickers microhardness (a) and electrical conductivity (b) after aging at 350 ◦C
for alloys AN and ANZ.

Continued aging from 48 to 504 h leads to a gradual decrease in microhardness to around
75 HV0.1, which is due to the coarsening of the precipitates and the associated depletion of Zr
from the αAl matrix. During this aging interval, the electrical conductivity increases steadily.
It is noteworthy that the microhardness stabilizes at around 75 HV0.1 after 504 h, indicating
a balance between the precipitate coarsening of the precipitates and the depletion of Zr in the
matrix. This stabilization is accompanied by relatively constant electrical conductivity.

3.3. Microstructure
3.3.1. Optical Microscopy (LOM)

The changes in microstructural constituents are presented in Figure 2, where the alloy
AN exhibits a predominantly eutectic microstructure. However, the introduction of Zr
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causes an increase in αAl dendrites, which represent ~30% of the microstructure, which was
also reported in our previous work [25]. The equiaxed morphology of the αAl dendrites is
attributed to the addition of Zr, which promotes solidification through a peritectic reaction
with primary Al3Zr phases, as shown in Figure 3f. The addition of 0.6 wt.% Zr promotes
the nucleation of αAl via heterogeneous nucleation initiated by primary Al3Zr particles.

 

Figure 2. Microstructure fraction for alloys AN and ANZ.

 

Figure 3. Optical micrographs of microstructural evolution of alloy ANZ after aging at 350 ◦C: (a) As
cast; (b) 12 h; (c) 48 h; (d) 96 h; (e) 168 h; (f) 336 h; (g) 408 h; (h) 504 h; (i) 720 h; and (j) 1440 h.

The eutectic Al3Ni phase mainly exhibits a fibrous morphology, which is embedded
in the eutectic αAl phase and jointly forms eutectic colonies. However, a partial transition
from the fibrous to the lamellar morphology of Al3Ni can be observed, especially in the
vicinity of αAl dendrites formed during solidification. The relatively pure composition of
the dendrites (due to the low solubility of nickel and iron in aluminum) causes impurity
atoms to be pushed towards the solidification front. This process inhibits the formation of
a fibrous eutectic and promotes the lamellar morphology of Al3Ni, and this has previously
also been observed by Kakitani et al. [29]. Furthermore, the distribution of these eutectic
morphologies indicates an influence of latent heat release during solidification. Chemical
analyses also indicate a higher iron concentration within the lamellar Al3Ni phases, which
underlines a preferential affinity for Fe (confirmed by SEM).
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Aging the ANZ alloy at 350 ◦C for 12 h shows no significant microstructural changes
(Figure 3b). Slight microstructural changes can be observed, with the microhardness of
the alloy peaking after 48 h at 350 ◦C. There is some coarsening of the Al3Ni phase at the
edges of the colonies with a focus on the lamellar phase, while aging has little effect on
the morphology of the Al3Ni fibers. After 168 h (Figure 3e), darker intermetallic phases,
probably rich in Fe and/or Ni, form at the colony boundaries and the dendritic edges. The
lamellae start to coarsen faster, while the fibrous eutectic shows only minimal coarsening,
mainly at the edges of the colonies. After further aging for 408 and 504 h (Figure 3g,h),
the lamellar eutectic phases show pronounced segregation and growth, while the fibrous
eutectic phases undergo moderate coarsening. At the same time, intermetallic precipitates
increasingly accumulate at the colony boundaries. After 720 h of aging, the microstructure
approaches a state of relative stability, although the lamellar phases continue to show
gradual coarsening and agglomeration into larger intermetallic areas. After prolonged
aging (1440 h at 350 ◦C), the eutectic colony boundaries continue to expand. It is noticeable
that the morphology of the dendritic αAl phases changes from globular to spheroidal shape.
This development can be attributed to the continued segregation of the elements, especially
in regions that were originally dominated by lamellar eutectic phases. The increasing
segregation causes these regions to resemble dendritic αAl structures, accompanied by a
large, randomly distributed, dark intermetallic Al3Ni phase (Figure 3j).

3.3.2. Scanning Electron Microscopy (SEM)

Figure 4 shows SEM images with the corresponding EDS analyses summarized in
Table 2. Figure 4a highlights the specific regions where EDS measurements were performed
on the primary Al3Zr phase, which appears in two different morphologies. As reported by
Khvan et al. [30], the morphology labeled by spot 1 is referred to as a “porous crystal” or
“flower crystal”. In addition, the second, plate-like morphology corresponding to spot 2
was observed by Michi et al. [27]. According to the SEM-EDS results presented in Table 2,
the chemical compositions at spots 1 and 2 are largely similar, with the exception of a higher
Ni content in one of the regions, which is most likely due to an analytical deviation. Spots 3
and 4 reflect the chemical composition of the eutectic lamellae. It is noteworthy that the
morphology at spot 4 is slightly altered, indicating the instability of the lamellar eutectic
phase after one week of aging in the ANZ alloy. The microstructures shown in Figure 4c,d
exhibit significant changes, in particular the agglomeration of phases, predominantly at the
peripheries of the colonies. In Figure 4c, the lamellar eutectic (αAl + Al3Ni) morphology
appears disrupted and coarsened into larger, irregular phases. The chemical composition
of 5–9 spots indicates coarsened regions of the Al3Ni phase, with a slight enrichment of
Fe, a feature more commonly observed at colony boundaries. The coarsening of the Al3Ni
phase has already been documented by Czerwinski [10].

Table 2. Results of SEM-EDS analyses in wt.% from Figure 4.

Spectrum Label 1 2 3 4 5 6 7 8 9

Al 77.4 75.9 91.1 84.0 82.9 68.7 72.3 73.5 83.2
Ni 0.8 7.2 8.5 15.5 15.3 31.2 27.5 26.3 16.6
Fe - - 0.1 0.2 1.8 0.1 0.2 0.2 0.2
Zr 21.6 16.4 0.3 0.3 - - - - -
Si 0.2 0.5 - - - - - - -
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Figure 4. SEM micrographs with EDS analyses (marked red spot): (a) Sample ANZ-48; (b) Sample
ANZ-168; (c) Sample ANZ-720; and (d) Sample ANZ-1440.

3.3.3. Transmission Electron Microscopy (TEM)

In order to characterize the precipitates on the nanoscale, a detailed TEM analysis
was carried out. Figure 5a shows the eutectic microstructure of the alloy ANZ, which
was aged at 350 ◦C for 48 h. Figure 5b,c show magnified images of the areas labeled “1”
and “2”, respectively. Figure 5b clearly shows the presence of fine Al3Zr precipitates in
close proximity to the eutectic Al3Ni fibers. Figure 5c also shows areas with L12-Al3Zr
precipitates, some of which are marked by green circles. Figure 5c shows the darker areas
in which strain contrast between matrix and precipitates can be seen. Accordingly, the
FFT diffraction pattern in Figure 5c shows the positions of the αAl matrix and the coherent
precipitates. The diffraction pattern indicates the positions (yellow circles) of the spots for
the ordered f.c.c. L12 unit cell of the Al3Zr precipitate. Figure 5d,e show the microstructure
of the ANZ-720 alloy and confirm the presence of Al3Zr precipitates next to eutectic Al3Ni
fibers, confirming that the effective precipitation hardening of the ANZ alloy has taken
place. The formation of these fine precipitates during aging predominantly within the
eutectic αAl phase contributes significantly to the strengthening of the weaker component
of the eutectic microstructure. Figure 5e and the FFT diffraction pattern also show the
presence of cubic L12-Al3Zr precipitates after 720 h at 350 ◦C.

Previous studies on Al-based alloys have reported comparable Al3Zr precipitate sizes
under different conditions. For example, Michi et al. [27] observed Al3Zr precipitates with an
average radius of 2.1 ± 0.4 nm after aging at 425 ◦C for 24 h. Pandey et al. [31] reported Al3Zr
precipitates with an average radius of 2.5 ± 1.0 nm after 10 h and 4.0 ± 1.0 nm after 100 h of
aging at 400 ◦C. In addition, Fan and Makhlouf [15] produced Al3(Zrx,V1−x) precipitates with
an average radius of 2.6 nm after aging at 400 ◦C for 32 h. Knipling et al. [14] recorded Al3Zr
precipitates with a radius of 5.1 ± 1.7 nm after aging at 425 ◦C for 400 h in dilute binary Al–Zr
alloys. Figure 6 shows the lognormal distributions of precipitate sizes in ANZ alloy samples
aged at 350 ◦C for 48 and 720 h (ANZ-48 and ANZ-720), respectively. The distribution of
L12-Al3Zr precipitates was assessed using size measurements from TEM images in brightfield
and HRTEM modes. The TEM analysis was performed at magnifications from 100,000× to
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500,000× and an accelerating voltage of 200 kV. Precipitate size measurements were performed
using the open-source software Fiji, analyzing at least 170 precipitates per sample. As can
be seen in Figure 6a,b, the average precipitate radius (r) of the L12-Al3Zr phase fitted with a
lognormal distribution is r = 2.1 ± 1.6 nm for ANZ-48 and r = 3.1 ± 1.6 nm for ANZ-720. With
continued aging at a temperature of 350 ◦C, there is a tendency for small precipitates with higher
curvature to dissolve, as can be seen from the changes in the distribution in Figure 6. When
small precipitates dissolve, the resulting solute diffuses towards larger precipitates, causing
them to grow and hence the total interfacial energy to decrease. Comparing the results obtained
in this study with those of the previously cited references, there is good agreement. However, it
is important to note that most of these studies were conducted at higher aging temperatures
(400–425 ◦C). Consequently, the larger precipitate sizes are primarily attributed to the increased
diffusion rate of Zr in aluminum at higher temperatures, where the diffusivity coefficient is
about two orders of magnitude higher than at 350 ◦C. Furthermore, it is important to emphasize
that although the average size of the L12-Al3Zr radius increased at aging between 48 h and 720
h, the coherence of the precipitates is maintained.

 

Figure 5. The TEM analysis of the ANZ alloy aged at 350 ◦C; (a) a bright field image of the ANZ-
48 sample and (b) magnification of the area marked with the dashed square 1, in which the Al3Zr
precipitates marked with arrows can be seen; (c) a bright field image of the ANZ-48 sample with green
circles indicating the L12-Al3Zr precipitates and the FFT pattern in which yellow circles indicate the
L12-Al3Zr positions; (d) a bright field image of the ANZ-720 sample with arrows indicating the Al3Zr
precipitates; and (e) a bright field image of the 720 h aged ANZ alloy with green circles indicating the
L12-Al3Zr precipitates and the FFT pattern of the corresponding diffraction in which yellow circles
indicate the L12 positions.
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Figure 6. Histogram of average size of precipitates with lognormal distribution for samples: (a) ANZ-
48; (b) ANZ-720.

3.4. Tensile Tests

Tensile test experiments were carried out at RT, 250 ◦C and 300 ◦C and the results
are presented in Figure 7. Per each tensile test parameter, at least three specimens were
measured. The tensile tests performed at room temperature did not reveal any significant
differences between the eutectic AN alloy in terms of ultimate tensile strength (UTS) and
yield strength (YS), even when exposed to 350 ◦C for up to 48 h; however, it showed a
slight increase in elongation (El), indicating the good thermal stability of the eutectic Al3Ni
fibers. The results for eutectic alloys are in good agreement with those previously reported
by Koutsoukis et al. [32]. Similarly, the as-cast ANZ alloy showed similar mechanical
properties to the eutectic AN alloy, apart from a slightly lower initial yield strength. In
particular, the ANZ-12 alloy showed a 17% improvement in UTS and a 50% increase in
YS compared to the as-cast alloy. The highest improvement in mechanical properties was
observed with the ANZ-48 alloy, which achieved a remarkable 102% increase in yield
strength and a 50.8% improvement in UTS compared to the as-cast alloy.

At an elevated test temperature of 250 ◦C, the tensile properties of the AN alloy remain
similar under the tested conditions. However, the ANZ-48 alloy shows a slight improve-
ment (Figure 7) in mechanical properties, while the ANZ-12 alloy shows a significant
increase in YS and UTS. The most significant difference is seen in tensile elongation (El),
with the ANZ series alloys exhibiting significantly higher elongation compared to their
AN counterpart. Further tensile tests at 300 ◦C show a significant reduction in mechanical
properties, which is particularly noticeable in the Zr-containing alloys. At this temperature,
the UTS values of the AN-12, AN-48 and ANZ-12 alloys converge, while ANZ48 has a
slightly lower UTS value, indicating the susceptibility of the Zr-strengthened alloys to
softening at higher temperatures.

3.5. Accelerated Compressive Creep Test

Figure 8 shows the accelerated compression creep behavior of the investigated ANZ-
48 alloy under different test conditions. All experiments shown in Figure 8a exhibit a
monotonous creep response. Figure 8b shows the corresponding strain rate curves for
the ANZ-48 alloy, where a pronounced primary creep phase is followed by a secondary
(steady-state) creep phase. The average minimum creep rates for all investigated alloys
were extracted from the secondary phase, where, from average minimum creep rates,
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further evaluations were carried out to determine the activation energy for creep (Qc) and
the stress exponent (n), the results of which are summarized in Table 3.

 

Figure 7. Results of tensile test analysis; (a) at room temperature (RT); (b) at 250 ◦C; and (c) at 300 ◦C.

Figure 8. Compressive creep tests curves: strain–time (a) and strain rate–time (b).

It is evident from Table 3 that the activation energy for creep in the AN alloy is the
lowest of the alloys analyzed and closely matches the activation energy for pipe diffusion
(Q ≈ 82 kJ/mol) [33]. In addition, a stress exponent of n = 3 was determined for the AN

190



Materials 2025, 18, 3068

alloy, indicating dislocation activity with a dislocation glide mechanism [34]. Taken together,
these observations indicate that the dominant creep mechanism in the AN alloy under
the applied test conditions is most likely controlled by a combination of pipe diffusion
and limited viscous dislocation glide. This is not consistent with previous studies by
Michi et al. [27] and Suwanpreecha et al. [22], who investigated eutectic Al–Ni alloys and
reported higher stress exponents, suggesting the existence of threshold stress. However, it
is important to point out that the creep stresses applied in the present study were lower
than those used in previous studies. Table 3 shows that the Qc for the ANZ-12 and ANZ-48
alloys is close the lattice self-diffusion energy of pure aluminum (Q ≈ 142 kJ/mol) [33].
This increase, together with the increased stress exponents, indicates a transition to a
different creep regime. In particular, the combination of higher Qc and stress exponent
values indicates that the dominant creep mechanism is most likely self-diffusion-driven
dislocation climbing, which is usually characterized by the power-law creep regime [35].
These results are in good agreement with the observations of Michi et al. [27], who found a
detrimental effect on creep resistance associated with a low volume fraction of αAl dendrites.
The shift in the creep mechanism in the ANZ-12 and ANZ-48 alloys correlates with a slight
reduction in their creep resistance. This behavior can be attributed to microstructural
changes in these alloys, in particular an increased volume fraction of αAl dendrites of up to
about 30% (Figure 2), which can disrupt the efficiency of load transfer from the matrix to the
Al3Ni fibers and redirect it towards the αAl dendrites. The results indicate that the increased
volume fraction of the αAl dendrites in the microstructure can counteract the strengthening
effect of the L12-Al3Zr precipitates and thus reduce the overall creep resistance.

Table 3. Results of average minimal strain rates for each condition, activation creep energy and stress
exponents of alloys AN, ANZ-12 and ANZ-48.

Temperature
T [◦C]

Stress
σ [MPa]

Strain Rate
.
ε [s−1]

AN ANZ-12 ANZ-48

250 37 6.57 × 10−9 6.30 × 10−9 1.15 × 10−8

275 37 8.21 × 10−9 3.70 × 10−8 7.22 × 10−8

300 26 1.53 × 10−8 2.34 × 10−8 1.79 × 10−8

300 31 1.09 × 10−8 4.85 × 10−8 1.39 × 10−7

300 37 3.79 × 10−8 2.28 × 10−7 2.00 × 10−7

Qc-Activation creep energy [kJ] 86.2 178.8 142.9

n-stress exponent 3 6 6

4. Conclusions

In this study, eutectic Al–Ni and Al–Ni–Zr cast alloys were investigated, focusing
on the development of microstructure, microhardness and electrical conductivity during
isothermal aging at 350 ◦C for a period of two months.

1. The introduction of 0.6 wt.% Zr into the eutectic Al–Ni system leads to an increased
proportion of equiaxed αAl dendrites (~30%). Aging alloy at 350 ◦C leads to a peak in
microhardness at 92 HV0.1 after 48 h. Extended aging results in the partial coarsening
of the microstructure, with the microhardness stabilizing at 75 HV0.1 after 500 h.

2. Upon aging, coherent L12-Al3Zr precipitates with an average radius of r = 2.1 ± 1.6 nm
were observed at peak aging conditions (350 ◦C, 48 h). Their high resistance to coars-
ening is evident after 30 days of aging, where the average radius of the precipitates
increased only slightly to r = 3.1 ± 1.6 nm, while coherence with the matrix was
maintained.
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3. The tensile tests of the peak-aged ANZ-48 sample revealed a significant increase in
yield strength from 106 MPa to 213 MPa at room temperature. However, this increase
is not retained at elevated temperatures (300 ◦C), where the yield strength drops to
53 MPa. The YS value is in a similar range to the alloy without Zr addition.

4. Accelerated compressive creep tests indicated that the AN alloy exhibits a creep-
dominated mechanism of pipe diffusion and limited viscous dislocation glide,
whereas the ANZ alloy follows a power-law creep regime under the conditions
tested.
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Abstract: The aim of this study was to analyse in detail the effect of varying the parameters
of the Johnson–Cook (JC) material model on the results of a numerical simulation of the
orthogonal turning process of the Ti6Al4V titanium alloy. The first step involved an exper-
imental study, including the recording of cutting force components and temperature, as
well as the measurement of chip geometry, which was used to validate the FEM simulation.
This was followed by a sensitivity analysis of the JC model with respect to five parameters,
namely A, B, C, m, and n, each modified independently by ±20%. The effects of these
changes on cutting forces, cutting zone temperature, stresses, and chip geometry were
evaluated. The results showed that parameters A, B, and m had the greatest influence
on the physical quantities analysed, while C and n are of secondary importance. The
analysis highlighted the need for precise calibration of the JC model parameters, especially
when modelling machining processes involving difficult-to-machine materials. The results
provided practical guidance for optimising the selection of constitutive parameters in
machining simulations.

Keywords: Johnson–Cook model parameters; FEM simulation; Ti6Al4V; orthogonal turn-
ing

1. Introduction

Modern machining processes, especially in high-tech sectors such as aerospace, auto-
motive, and biomedical, are becoming increasingly demanding in terms of dimensional
accuracy, surface quality, process predictability, and efficiency. The traditional experimental
approach, based on numerous physical tests, is time-consuming and costly, especially
considering the machining of difficult-to-machine materials such as titanium alloys. Conse-
quently, computer-based modelling methods for machining processes are gaining increas-
ing importance. Numerical simulations based on the finite element method (FEM) play
a key role, as they enable the analysis of phenomena occurring in the cutting zone while
reducing the number of experiments. Thanks to the development of computational tools
and material databases, FEM has become an essential tool for the analysis and optimisation
of machining operations. For example, Kandráč et al. [1] demonstrated its application for
predicting cutting forces and chip formation during the orthogonal turning of titanium
alloys. Lou et al. [2] used FEM for ultra-precision machining, focusing on achieving high
surface quality. Song et al. [3] analysed pre-stress multi-step cutting, showing that FEM
helps optimise residual stresses and thermal effects in complex machining processes.
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The finite element method is widely used in the modelling of machining processes,
enabling the detailed analysis of, among other things, stress distribution, displacement,
temperature, and chip formation. However, a key aspect of the accuracy of such simu-
lations remains the selection of an appropriate material model, which must adequately
represent the behaviour of the material over a wide temperature range and at high strain
rates [4,5]. Improperly chosen constitutive parameters can lead to significant errors in
predicting cutting forces, chip geometry, or temperature in the cutting zone. This aspect is
particularly important for titanium alloys such as Ti6Al4V, which are widely used but very
challenging to machine due to their low thermal conductivity, high strength at elevated
temperatures, and tendency to cause rapid tool wear. These characteristics make reliable
FEM simulation an essential tool for process optimisation and prediction when machining
Ti6Al4V. In recent years, there has been growing interest in modern constitutive models
that go beyond classical empirical approaches. In addition to simple phenomenological
models such as Johnson–Cook, microstructure-based models [6], damage models with
fracture criteria [7], and hybrid approaches combining experimental data with inverse
modelling [8,9] are increasingly used. In recent years, neural networks have increasingly
been used as alternative or hybrid constitutive models. They can act as universal function
approximators to predict complex stress–strain relationships directly from the data, or be
combined with physical constraints in physics-informed neural networks (PINNs). Such
approaches can improve prediction accuracy for materials with complex behaviours, but
require extensive datasets for training and careful validation [10].

The Johnson–Cook model is one of the most widely used phenomenological material
models for describing the behaviour of a material under high plastic deformation, elevated
temperature, and significant strain rates. It accounts for three main mechanisms: strain
hardening, strain rate effects, and thermal softening. Mathematically, it is expressed as
a multiplicative function of five parameters: A (initial yield stress), B (strain hardening
modulus), C (strain rate sensitivity coefficient), m (thermal softening exponent), and n
(strain hardening exponent). A key advantage of the model is that it can be calibrated
using conventional tensile tests and dynamic Hopkinson bar experiments [11,12]. The JC
model is highly effective in representing dynamic processes, but it does not account for
microstructural phenomena, dynamic recrystallisation, or strain localisation, which limits
its accuracy. Therefore, modified versions of the model are being developed [13].

The parameters of the Johnson–Cook model can be determined through classical
uniaxial tests (tension, compression) or by using dynamic Hopkinson bar experiments.
However, alternative methods involving the calibration of model parameters based on
data from actual cutting processes and the application of various optimisation algorithms
are increasingly being adopted [14]. Although these approaches provide a better fit to
real-world conditions, they often result in significant discrepancies in the parameter values
reported by different authors. Consequently, sensitivity analyses and the evaluation of
the influence of each parameter on the final results of FEM simulations are becoming
increasingly important [4,15,16].

Numerous research papers attempt to quantify the influence of individual Johnson–
Cook model parameters on FEM simulation results. Parameter A is responsible for the
initial level of flow stress. Its increase leads directly to higher cutting forces and alters
heat distribution in the cutting zone. Shen et al. [15] demonstrated that parameter A has a
strong influence on the maximum cutting force. Parameters B and n, on the other hand,
describe the effect of material hardening. Their increase leads to greater resistance to plastic
deformation, which affects the resulting chip morphology. Shen et al. [15] observed that
higher values of parameter n favour chip segmentation, while Zhu et al. [17] confirmed this
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effect in the context of high-temperature drilling of Ti6Al4V alloy. Gerstgrasser et al. [11],
in turn, showed that changes in B and n significantly affect the accuracy of crack growth
predictions in the workpiece material. Parameter C determines the material’s sensitivity
to strain rate. A study by Zhu et al. [17] showed that a higher value of C results in a local
increase in temperature at the tool–material interface and leads to more intensive tool
wear. Parameter m, related to thermal softening, controls the extent to which flow stress
decreases with increasing temperature. Thornton et al. [18] noted that underestimating
this parameter leads to inaccurate chip segmentation modelling and can cause non-linear
fluctuations in machining forces. The literature also highlights the existence of non-linear
interactions between parameters—for example, simultaneous increases in B and m can
produce complex synergistic effects that are difficult to predict without a full sensitivity
analysis. Shen et al. [15] and Wang et al. [19] compared multiple sets of JC parameters and
concluded that combinations of parameters have a greater effect on cutting forces than
variations in individual values. Consequently, modern methods are increasingly used to
identify the most influential parameter combinations [5,16,20].

Despite the many papers analysing the JC model, there is still a gap in the literature
regarding a systematic and isolated analysis of the effect of each of its parameters on key
physical variables in turning simulations of difficult-to-machine alloys such as Ti6Al4V.
Previous studies often focused on combined effects or used parameter sets without detailed
sensitivity evaluation. This study addresses this gap by providing an individual parameter
sensitivity analysis for the orthogonal turning of Ti6Al4V, focusing on the influence of A,
B, C, m, and n on cutting forces, temperature distribution, and chip geometry. This new
insight can help improve the precision of JC model calibration for machining simulations
of titanium alloys.

2. Verification of the Johnson–Cook Material Model

2.1. Experimental Studies

The aim of the experimental study was to compare and numerically validate the
Johnson–Cook material model for orthogonal turning of the Ti6Al4V titanium alloy. The
validation of the finite element method (FEM) simulations was primarily based on the
analysis of cutting force components, the maximum temperature in the cutting zone, and
the dimensional and geometric characteristics of the chip.

The experiments were conducted on a multifunctional 3-axis CNC lathe (Okuma
Genos L200E-M), equipped with a measurement setup capable of recording the Cartesian
components of cutting forces. The cutting forces were measured using a piezoelectric
dynamometer (Kistler model 9129AA), while the temperature in the cutting zone was
measured using the natural thermocouple method. The calibration of the measurement
system and the related accuracy have been described in detail in [21]. A schematic of the
measurement setup is shown in Figure 1.

Experimental studies of orthogonal turning were performed using cutting tools manu-
factured by Tungaloy Corporation (Iwaki, Japan). A carbide insert for orthogonal turning,
designated DGG500-0400, was used in the experiments. The insert was clamped in a
CTER2020-5T12 toolholder, which allowed the following angles to be obtained in the
working system:

• Orthogonal rake angle γ◦ = 20◦;
• Normal clearance angle α◦ = 7◦.

The experiments were performed under dry cutting conditions, without the use of
coolant, at an ambient temperature of approximately 20 ◦C. The test matrix included six
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cutting speeds (vc = 40, 50, 60, 70, 80, and 90 m/min), three feed rates (f = 0.05, 0.1, and
0.15 mm/rev), and a constant depth of cut ap = 3 mm.

 

Figure 1. Schematic of the measurement setup for recording cutting force components and tempera-
ture using the natural thermocouple method.

2.2. Simulation Studies

Simulation studies of the orthogonal turning process of the Ti6Al4V titanium alloy
were conducted using the same technological parameters as in the experimental studies.
The aim of the research was to verify the accuracy of the material parameter identification
for the Johnson–Cook model. The procedure for determining the individual parameters of
the JC model was presented in [21]. Using an analytical method, the following Johnson–
Cook parameters were obtained, as listed in Table 1.

Table 1. Material constants of the Johnson–Cook model determined by the analytical method [21].

A B C n m

775.2 440.3 0.01483 0.1668 0.6269

The Design Environment for Forming (DEFORM 2D/3D) engineering simulation
system, developed by Scientific Forming Technologies Corporation, was used for the
simulation studies. FEM simulations were performed in the DEFORM v12.0.2 environment,
using the predefined material parameters of the Johnson–Cook model.

The mechanical, tribological, and thermophysical properties of the workpiece material
were defined as temperature-dependent using data from the DEFORM 2D/3D material
library. The simulation used an adaptive mesh with quadrilateral elements, with local
remeshing in the cutting zone to maintain accuracy. Boundary conditions were set to
fully fix the workpiece at the rear side, while the tool was modelled as rigid. Friction at
the tool–chip interface was described by the Coulomb friction model with a coefficient
of μ = 0.7. The technological parameters in the first stage of the simulation matched the
experimental tests, enabling direct comparison.

2.3. Verification of Simulation Studies

After the simulation and experimental studies, a comparative analysis of the obtained
results was conducted. Figure 2 presents a comparison between the numerical simulation
results and the data obtained from the experimental measurements. Due to catastrophic tool
wear during tests with a feed rate of f = 0.15 mm/rev and a cutting speed of vc = 90 m/min,
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it was not possible to obtain repeatable experimental data for this parameter combination.
The detailed test procedure and results for this specific case are provided in our previous
publication [21].
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Figure 2. Comparison of simulation and experimental results for (a) main cutting force, (b) back
cutting force, (c) cutting zone temperature, and (d) chip thickness.

The comparison between the numerical simulation and experimental results focused
on three aspects: the cutting force components, the temperature in the cutting zone, and the
geometry and thickness of the chip. The main cutting force component Fc was reproduced
with high accuracy—the differences between the experimental and simulation results in
most cases did not exceed 8%, and were less than 2% at low feed rates. Larger discrepancies
were observed for the back force Fp especially at high feed rates, where deviations reached
up to 42%. This can be explained by the fact that in orthogonal cutting the back force
component is typically very small and highly sensitive to minor tool vibrations, slight
misalignments, and local tool wear, which are difficult to reproduce accurately in a 2D
simulation. The temperature analysis showed a consistency of 3–4%, regardless of the
cutting parameters used, confirming the correct representation of thermal phenomena. The
shape and thickness of the chips also showed good agreement—the largest differences in
chip thickness did not exceed 14%, with the best fit observed at the highest feed rate. The
obtained results confirm that the identified parameters of the JC model enable a reliable
representation of the actual course of the Ti6Al4V turning process and can be effectively
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used in numerical analyses within the tested range of technological parameters. After
finding satisfactory agreement between the FEM simulation results and experimental data,
it was concluded that the determined Johnson–Cook model parameters reliably represent
the phenomena occurring in the cutting zone during orthogonal turning of the Ti6Al4V
alloy. In the next stage of the research, a detailed analysis of the influence of variations
in individual JC model parameters on selected physical characteristics of the process was
performed. The aim of this analysis was to assess the model’s sensitivity to changes in
material parameters and to identify the parameters that most significantly influence the
cutting process.

3. Evaluation of the Influence of Changes in the Parameters of
the Johnson–Cook Constitutive Model on the Physical
Characteristics of the Cutting Process

A sensitivity analysis of the Johnson–Cook model was conducted to examine how
modifications to individual parameters (A, B, C, m, n) affect physical quantities of the turn-
ing process, such as cutting forces (Fc, Fp), temperature in the cutting zone, material stresses,
and chip characteristics. Each parameter was independently increased and decreased by
20% relative to the baseline value, while the other model parameters were kept constant.
This approach allowed the relative influence of each parameter on the individual variables
to be determined and enabled the identification of those with the greatest relevance to the
accuracy of cutting process prediction. The model names clearly indicate which parameter
was modified and by how much—for example, “A +20%” refers to the model in which
parameter A was increased by 20% relative to the baseline. Table 2 presents the values of
the material parameters used in the analysis, including both the baseline model and the
modified variants.

Table 2. Sets of parameter values for the Johnson–Cook model.

Material Model A B C m n

Base model 775 440 0.01483 0.6269 0.1668
“A” +20% 930 440 0.01483 0.6269 0.1668
“A” -20% 620 440 0.01483 0.6269 0.1668
“B” +20% 775 528 0.01483 0.6269 0.1668
“B” −20% 775 352 0.01483 0.6269 0.1668
“C” +20% 775 440 0.01780 0.6269 0.1668
“C” −20% 775 440 0.01186 0.6269 0.1668
“m” +20% 775 440 0.01483 0.7523 0.1668
“m” −20% 775 440 0.01483 0.5015 0.1668
“n” +20% 775 440 0.01483 0.6269 0.2002
“n” −20% 775 440 0.01483 0.6269 0.1334

3.1. Stress–Strain Curves

Performing a stress–strain analysis is a key step in assessing the behaviour of a material
under real-world cutting process conditions. To determine the influence of individual
parameters of the Johnson–Cook constitutive model on the material response, an analysis
of the σ–ε curves was performed for different model variants. The analysis was conducted
for two representative strain rates: one low and one high. This approach made it possible to
capture differences resulting from both strain rate sensitivity and thermal softening, which
are incorporated into the structure of the JC model. These temperatures were chosen as they
represent the ambient laboratory temperature (20 ◦C) and the estimated maximum cutting
zone temperature (700 ◦C) for Ti6Al4V during orthogonal turning. The aim of this analysis
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was to identify the parameters that most significantly influence the value and shape of the
stress–strain curve. The following section presents the results and a detailed interpretation
of the effects of parameter variations on the σ–ε curves. Figure 3 presents the stress–strain
curves for the modified Johnson–Cook material models at two strain rates: 0.002604 s−1 and
12.5 s−1. The base curve was generated by fitting the experimental tensile and compression
test data using the MATLAB R2019b Curve Fitting Tool, as described in [21]. The additional
curves illustrate the effect of increasing or decreasing each Johnson–Cook parameter (A, B,
C, m, n) by ±20% to analyse the parameter sensitivity.

When analysing the effect of varying individual Johnson–Cook model parameters on
the stress–strain curve, it was noted that the most significant impact on stress values was
observed for parameter A. Increasing or decreasing the value of A by 20% resulted in a
change in stress at a given strain of approximately ±155 MPa at 20 ◦C and ±66 MPa at
700 ◦C for low strain rates. A similar pattern of variation was observed at higher strain
rates, where the stress difference reached ±175 MPa at 20 ◦C and ±74 MPa at 700 ◦C. This
indicates that parameter A plays a key role in determining the level of initial (incipient)
stress, and modifying it proportionally shifts the entire stress–strain curve vertically.

Parameter B, which governs strain hardening, exhibited a lesser influence on the
stress–strain curve. As the strain increased, the differences between the baseline and
modified models became more pronounced. The maximum difference observed within the
tested parameter range was ±60 MPa (±5.6%) at a strain of 0.1 and 20 ◦C, and ±29 MPa
(±5.6%) at 700 ◦C under low-strain-rate conditions. Comparable differences were observed
at higher strain rates, where the maximum difference increased to ±68 MPa (±5.6%), while
for 700 ◦C the same level of relative strain change (±5.6%) was maintained. The influence of
parameter B becomes more pronounced at higher strain rates, where the material undergoes
intense hardening.
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Figure 3. Cont.
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(e) C ±20%, = 0.002604 s 1 (f) C ±20%, = 12.5 s 1 

(g) m ±20%, = 0.002604 s 1 (h) m ±20%, = 12.5 s 1 
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Figure 3. Effect of variations in individual parameters of the Johnson–Cook constitutive model on
the stress–strain curve at strain rates of 0.002604 s−1 and 12.5 s−1.

Modifying the strain rate sensitivity coefficient C had little effect on the curve under
low-strain-rate conditions, since the reference and actual strain rates were equal, resulting
in no stress change. As the strain rate increased, larger deviations between the curves of
the modified models were observed; however, the overall effect remained relatively small.
The maximum difference recorded was ±2%, which confirms the logarithmic nature of
strain rate effects in the Johnson–Cook model.

The strongest temperature-dependent influence on stress values was associated with
parameter m, which controls thermal softening. At a reference temperature of 20 ◦C,
variations in m had no effect on the stress level, which is consistent with the definition of
the Johnson–Cook model. However, as temperature increased, significant deviations from
the baseline model were observed. At 700 ◦C, stress differences ranged from −14.2% to
+15.8% under low-strain-rate conditions, indicating that this parameter significantly affects
material softening at elevated temperatures. Similar behaviour was observed for higher
strain rates.
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The final parameter analysed was the strain hardening exponent n, which controls the
rate of stress increase as a function of strain. The variation of “A ±20%” in the value of n
resulted in stress differences ranging from −4% to +3.1%, confirming its role in defining
the intensity of material strengthening. Increasing n led to a decrease in stress relative
to the baseline model, whereas decreasing n resulted in a stress increase. This effect was
visible across the entire temperature and strain rate range but had little impact on the initial
stress values.

This study confirms that the sensitivity of the Johnson–Cook model to parameter vari-
ation depends on the loading conditions. Parameters A and B have the greatest influence
on stress–strain behaviour, while C and n exhibit a lesser effect. Parameter m is particularly
important when analysing materials subjected to elevated temperatures.

3.2. Chip Characteristics

The first step in evaluating the FEM simulation results was a visual assessment of the
chip formed during orthogonal cutting, followed by the measurement of its characteristic
dimensions. Figure 4 presents the chip shapes obtained for the baseline model and its
parameter modifications. Table 3 presents the characteristic dimensions of the chips.

Table 3. Average values of characteristic chip dimensions for modified parameters of the Johnson–
Cook constitutive material model.

Material Model Chip Thickness on Top, mm Chip Thickness in the Valley, mm
Chip Tip Distance,

mm

Base model 0.153 0.102 0.063
“A” +20% 0.134 0.089 0.058
“A” −20% 0.155 0.106 0.068
“B” +20% 0.140 0.095 0.060
“B” −20% 0.154 0.096 0.178
“C” +20% 0.143 0.098 0.059
“C” -20% 0.150 0.1 0.196
“m” +20% 0.145 0.098 0.063
“m” −20% 0.144 0.111 0.197
“n” +20% 0.149 0.103 0.059
“n” −20% 0.145 0.104 0.139

 
Base model “A” +20% “A” 20% 

Figure 4. Cont.
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“B” +20% “B” 20% “C” +20% 

 
“C” 20% “m” +20% “m” 20% 

  
“n” +20% “n” 20% 

Figure 4. Chip shapes and geometries obtained in simulations using modified parameters of the
Johnson–Cook model.

The analysis of the effect of varying individual parameters of the Johnson–Cook
constitutive model on the chip characteristics included both a visual assessment of the chip
shape and the measurement of its characteristic dimensions. Based on Figure 4 and the
data in Table 3, it can be observed that each modification of the model parameters affects
the chip geometry and its regularity to varying degrees.

When evaluating the influence of individual Johnson–Cook model parameters on chip
shape, it was found that parameter A has the least impact. A 20% decrease in the value of A
results in a maximum change of 8% in the characteristic chip dimensions. In contrast, a
20% increase in A causes a 12.5% change in those dimensions.

A further analysis revealed that increasing the remaining parameters by 20% generally
results in a sawtooth chip shape, whereas decreasing these parameters causes the loss of
the characteristic sawtooth profile. As a consequence, the vertex distance measured on the
chip’s outer surface increases. When the parameters were decreased by 20%, the vertex
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distance increased by 121% to 213% compared to the baseline model, demonstrating a
strong influence of these parameters on the chip geometry in FEM simulations. In contrast,
increasing the parameters by 20% resulted in a maximum difference of only 8%.

It was also observed that changes in the individual parameters had no significant
impact on chip thickness at the tooth tips. For the assumed range of parameter variations,
the maximum deviation from the baseline model reached 8.5%. A similar trend was noted
when analysing the chip thickness at the valleys: parameter changes of ±20% resulted in a
maximum variation of ±9% in thickness relative to the baseline model.

3.3. Cutting Forces

In order to compare the effect of changing individual parameters of the Johnson–Cook
model, the variations in the main cutting force (Fc) and back force (Fp) were evaluated
relative to the base model. Figures 5 and 6 present the results in the form of box plots.
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Figure 5. Comparison of main cutting force Fc values for modified Johnson–Cook material models.
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Figure 6. Comparison of back cutting force Fp values for modified Johnson–Cook material models.
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An analysis of the effect of varying individual material constants of the Johnson–Cook
model on the values of the main cutting force (Fc) and the back force (Fp) is presented based
on the data from the graphs. The analysis was conducted relative to the base model, for
which the median values were Fc = 458 N and Fp = 39 N.

An analysis of Figure 5, which illustrates the effect of parameter variation on the
main cutting force, revealed that modifying the A parameter of the Johnson–Cook model
by ±20% had a significant impact on Fc. Increasing A raised the force to 480 N (+4.8%),
whereas decreasing A reduced it to 391 N (–14.6%) relative to the base model. This is
because parameter A directly represents the initial flow stress level, and therefore its
increase raises the overall cutting resistance of the material, which increases the cutting
forces. Parameter B also showed a marked effect: increasing B resulted in a reduced force
of 403 N (–11.9%), while decreasing B raised Fc to 474 N (+3.6%). For parameter C, the
influence was noticeable but less pronounced. Increasing C reduced the cutting force to
439 N (–4.0%), whereas decreasing it increased the force to 493 N (+7.7%), indicating a
moderate sensitivity of the force to strain rate effects. The influence of the n parameter,
associated with strain hardening, showed an asymmetric response, increasing n reduced
Fc to 405 N (–11.5%), while decreasing it elevated the force to 509 N (+11.1%). Finally,
parameter m, which accounts for thermal softening, had a moderate effect. Decreasing
m increased Fc to 463 N (+1.1%), while increasing it led to a more substantial reduction
to 385 N (–15.9%). Parameter m affects the extent of stress reduction with increasing
temperature, which also influences the cutting force level.

An analysis of Figure 6, which illustrates the effect of changing the Johnson–Cook
model parameters on the back cutting force (Fp), showed that increasing A raised the force
to 41.3 N (+5.9%), while decreasing it reduced the force to 34.0 N (–13.0%). For parameter
B, a significant asymmetry in its influence was observed: increasing B decreased Fp to
32.5 N (–16.8%), whereas decreasing B increased the force to 45.6 N (+17.0%). Changes in
parameter C also led to noticeable variations: increasing C reduced Fp to 35.0 N (–10.4%),
while decreasing it raised the value to 48.0 N (+23.1%). Parameter n exhibited the most
pronounced influence on the back force. Increasing n reduced Fp to 33.0 N (–15.4%),
whereas decreasing n increased it substantially to 50.8 N (+30.1%), confirming its key role
in shaping the material’s plastic flow characteristics. As in the case of the main cutting
force, parameter m had a moderate effect: decreasing m led to an increase in Fp to 41.8 N
(+7.0%), while increasing it reduced the force to 33.8 N (–13.3%).

3.4. Temperature in the Cutting Zone

In the next stage of the analysis, the effect of changes in the Johnson–Cook model
parameters on the temperature in the cutting zone was evaluated. Figure 7 presents the
results of the FEM simulations, enabling a comparison of temperature values obtained for
the base model and for variants in which the parameter values were altered by ±20%.

When analysing the temperature in the cutting zone (Figure 7), it can be observed
that the parameters A, B, and m exert the greatest influence on the temperature value.
An increase in the initial flow stress (A) leads to a temperature rise of +8.6%, while its
decrease results in a −5.5% reduction. A similar effect is noted for parameter B, with
an increase causing a +5.8% rise and a decrease resulting in a −7.1% drop, indicating its
significant contribution to the intensification of thermal effects associated with material
hardening. This increase can be explained by the fact that the higher flow stress resulting
from larger A and B values leads to greater plastic deformation work, which is largely
converted into heat in the cutting zone. In the case of parameter m, which governs thermal
softening, variations also lead to noticeable changes: −7.3% for a decrease and +1.8% for
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an increase. The strain rate sensitivity coefficient C produced relatively minor differences—
within ±2%—confirming its limited effect on thermal behaviour in this context. Similarly,
modifications of parameter n (strain hardening exponent) had only a marginal influence on
cutting temperature, with variations of less than ±2.1%.
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Figure 7. Comparison of the maximum temperature value occurring in the cutting zone for modified
Johnson–Cook constitutive models.

3.5. Stress in the Material

The effect of changing the values of the material constants in the Johnson–Cook
constitutive model was also assessed in relation to the stresses in the material. Figure 8
showed the impact of modifying individual constants on the stress results obtained.
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Figure 8. Comparison of the maximum stress occurring in the material for modified Johnson–Cook
constitutive models.
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Analysing Figure 8, which presents the effect of changing the JC model parameters
on the stress in the material, it can be observed that parameter A, representing the yield
strength at the reference temperature, has the greatest influence on the stress value. An
increase in this parameter led to an 11.6% rise in stress, while a decrease resulted in
an 11.7% reduction, clearly indicating that A plays a key role in determining the stress
level. Changes in parameter B, responsible for material hardening, showed a similar but
slightly less pronounced effect, with an increase in B leading to a 6.9% increase in stress
and a decrease resulting in a reduction of the same magnitude. For parameters C, m,
and n, the observed changes were less significant. The influence of C and m remained
within ±2.7%, which is consistent with their less dominant role in stress development.
For parameter n, the differences were minimal, reaching up to ±1.2%, indicating its more
subtle effect on material strengthening under the conditions analysed. However, it should
be noted that the Johnson–Cook model does not capture microstructural phenomena such
as dynamic recrystallisation, which may influence stress predictions at high temperatures.
More advanced physically based models exist, but they require extensive microstructural
data and calibration, which were beyond the scope of this sensitivity study.

4. Conclusions

In this study, a comprehensive analysis was performed to investigate the influence that
the Johnson–Cook constitutive model parameters have on key characteristics of the cutting
process of titanium alloy Ti6Al4V, such as cutting forces, temperature in the machining
zone, stresses, and chip geometry. As a first step, the numerical model was validated using
experimental data obtained from an actual orthogonal turning process. The simulation
results showed very good agreement with the experimental measurements, especially in
terms of cutting forces and chip thickness, which confirmed the correctness of the material
parameters used in the base model.

The remainder of the paper focused on assessing the sensitivity of the JC model to
changes in individual parameters: A, B, C, m, and n. The analysis showed that

• the A parameter (plasticising stress) has the greatest influence on the level of cutting
forces, temperature, and stresses;

• the B parameter, which is responsible for the strengthening effect of the material,
significantly shapes the distribution of stresses and temperatures in the cutting zone
and the chip, and its effect on forces is moderate;

• the C parameter has a moderate effect on all the characteristics analysed, which is
consistent with the logarithmic nature of its dependence on strain rate;

• the m parameter, which describes thermal softening, is most influenced by tempera-
tures in the cutting zone and stress;

• the n parameter, related to plastic strengthening, mainly affects the components of the
cutting force, with a marginal effect on other aspects.

These observations suggest that effective calibration of the Johnson–Cook model
parameters requires special attention to the parameters A, B, and m, due to their dominant
influence on the thermomechanical phenomena in the cutting process. The use of models
based on the literature and unverified parameter values can lead to significant prediction
errors in FEM simulations.
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Abstract: To address the challenges of non-axisymmetric tube spinning, this study employs
finite element simulations to validate a novel spinning method for right-angle groove
tubes. Three forming schemes with distinct roller path geometries were designed and
analyzed using Simufact Forming, with 6063-O aluminum alloy tubes serving as the
research material. The simulation results indicate that multi-pass forming (Schemes I
and II) significantly enhances wall thickness uniformity compared to single-pass forming
(Scheme III). Scheme I exhibits optimal performance due to the minimized equivalent
stress in the final forming pass. The maximum stress is concentrated at the groove bottom,
leading to wall thinning and springback, while the maximum strain occurs at the roller exit
point, where metal accumulation causes local wall thickening. Experimental observations
confirm the consistency with the simulation results, validating the model’s reliability. This
study deepens the understanding of deformation mechanisms in complex groove forming,
highlighting the roller path geometry in controlling stress-strain distribution and final
product quality.

Keywords: non-axisymmetric die-less spinning; right-angle groove; finite element simulation

1. Introduction

As an advanced manufacturing technology characterized by high efficiency, precision,
and material utilization, spinning has become indispensable across the aerospace, auto-
motive, defense, and medical industries [1–4]. Its ability to produce complex shapes with
short production cycles makes it particularly suitable for small-batch manufacturing of
special-shaped components, driving extensive research on die-less spinning for asymmetric
parts [5].

Asymmetric spinning plays a pivotal role in fabricating plates and cylindrical com-
ponents [6–10]. Wrinkling and cracking in spinning have received much attention.
Chen et al. [11] developed a model for flange wrinkling in conventional spinning (com-
bining energy analysis and real-time geometry updates), finding that elastic strain energy
oscillations from circumferential shrinkage cause wrinkling. Wilson and Long [12], via
FE simulations, found that roller contact induces large residual stress in the flange due
to bending moments. Wrinkling in traditional spinning starts when the roller forms a
plastic hinge with the blank edge; these moments make wrinkling energy-favorable (shown
by reduced elastic strain energy in the model). He et al. [13] used ECCI and APTRS to
study cracks in spun Haynes 230 parts, revealing that grain boundary carbide precipitation
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initiates cracking. For asymmetric cylindrical parts, Wilson et al. [14] pioneered offset tube
production by adjusting the relative position between the tube axis and rotation axis, thus
expanding geometric design possibilities. Arai and Gondo [15] introduced a multi-pass
spinning technique to form slanted or curved tubes, enhancing process flexibility for non-
axisymmetric profiles. Jia et al. [16] further demonstrated the formation of saddle grooves
in tube mid-sections using conventional rollers through optimized roller path derivation,
overcoming limitations of traditional symmetric spinning.

The increasing demand for complex geometries has spurred the integration of finite
element simulation into spinning research. Huang et al. [17] utilized Abaqus/Explicit
to numerically investigate high-temperature neck spinning, analyzing how the friction
coefficient, roller speed, and tip radius influence forming quality. Zhao et al. [18] proposed
a hybrid spinning-flaring method for uniform-thickness curved workpieces, elucidating
deformation mechanisms and failure modes such as compression buckling in transition
zones. Xia et al. [19] focused on hot spinning of thin-walled magnesium alloy tubes
with internal ribs, revealing defect formation mechanisms such as underfilling and back
depression in rib structures. Complementary studies have deepened the understanding
of spinning mechanics. Gondo et al. [20] characterized thickness, texture, and crystal
orientation changes in aluminum tube spinning, linking microstructural evolution to
process parameters. Xu et al. [21,22] identified non-periodic stress distributions caused
by uneven roller contact, proposing a three-roller staggered configuration to balance
mandrel loads and improve operational stability. Their follow-up work on titanium alloy
spinning revealed that only the McClintock model accurately predicts crack reduction under
moderate thinning rates, highlighting model specificity in material-dependent processes.
Roy et al. [23] validated axisymmetric finite element models’ limitations in predicting non-
axisymmetric outcomes, while Xiao et al. [24] optimized roller paths for flanged cylindrical
components, determining a 21◦ maximum flange inclination through parametric analysis.
Xia et al. [25–27] pioneered non-axisymmetric die-less spinning on tube ends and validated
the method via 3D finite element modeling. Subsequently, Jia et al. [17,28] extended
this research to the mid-section of the tube, further exploring non-axisymmetric die-less
spinning in central regions.

Special-shaped tubular structures exhibit considerable potential application value, and
there currently exist typical forms such as saddle-shaped asymmetric structures. However,
the special shape of the tube with straight features in the middle has not been thoroughly
investigated. This study focused on right-angle groove structures with distinct linear
features as the analytical object. Since the stress–strain characteristics of the metal flow field
are difficult to obtain directly through experimental means, the finite element simulation
method is thus proposed for this research. Through systematic comparative analysis with
the experimental results, the reliability of the finite element simulation results is verified.
On this basis, by utilizing the simulation results, the distribution characteristics of the stress–
strain field under three working conditions are analyzed, and the stress concentration areas
and weak parts in the forming process are clarified, which provides a theoretical basis for
subsequent actual production.

2. Establishment of the Finite Element Model

2.1. Roller Path Design

To produce a tube with a right-angle groove, the axial and radial movements of the
roller are strategically designed. In the radial direction, the roller periodically approaches
the tube and retracts according to a specified feed depth. Axially, after completing each
radial pass, the roller shifts to the next position at a specified feed rate to prepare for the
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subsequent radial pass. As depicted in Figure 1a, the feed depth of the roller is dependent
on the angular position of the workpiece, denoted by λ1, λ2, and λ3. When the workpiece
rotates 180◦, the roller reaches its maximum feed depth, corresponding to the depth λ2

(represented by the blue line). This depth signifies the maximum depth of the current
channel. Concurrently, as illustrated in Figure 1b, once the radial feeding is completed, the
roller initiates axial movement. After advancing Δm, the axial motion ceases. When the
tube rotates to the designated position, the roller resumes radial movement. This cyclic
process is repeated until the forming is completed.

Figure 1. Schematic representation of roller path. (a) Radial direction. (b) Axial direction.

To optimize the forming process, three distinct forming schemes were designed,
comprising two multi-pass forming schemes and one single-pass forming scheme. Scheme
I maintains a constant forming width for each pass while gradually increasing the forming
depth; Scheme II keeps the forming angle unchanged across passes but progressively
increases both the forming width and depth; Scheme III achieves direct forming with the
maximum width and depth in a single pass. This systematic design of three schemes
investigates the effects of process parameters (width, depth, and wall thickness) on forming
quality, providing a theoretical foundation for selecting optimal process routes in practical
applications. The specific details of each scheme are illustrated in Figure 2. The final
forming depth for all spinning schemes is fixed at 9 mm.

 

Figure 2. Representations of the axial roller paths for three schemes.

To form a tube with a right-angle groove at its midsection into the target shape, a
reasonable roller path is critical. The tube is mounted on a shaft for rotation, and the
roller combines axial and radial reciprocating movements; in the radial direction, the roller
moves around the tube in the non-deformation region and contacts the tube to initiate
deformation. The deformation area path is divided into three stages, with the specific
geometric relationship of the radial path illustrated in Figure 3a.
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Figure 3. The geometric relationship of the roller path. (a) Radial direction. (b) Axial direction.

Stage 1 involves the roller center moving from initial point A to boundary point B;
Stage 2 involves the roller center moving from B to D at the maximum feed depth, with
C (the midpoint of line segment BD) corresponding to the maximum feed depth position;
Stage 3 involves the roller center moving from D to the final point E. The critical contact
points include G0 (the first contact point in the current pass), G1 (the contact point at
maximum feed depth), and G2 (the last contact point before deformation ends), where Q
denotes the roller center position and O denotes the tube center position. To determine the
rotation angle of each stage, let the angular velocity be Ω and the time be t, where R = roller
radius, r = tube radius, and Δh = maximum reduction in the previous pass. In triangle
G0OG1, ∠G0OG1 is denoted as α, and its cosine value is given by

α = arccos
(

r − Δh
r

)
(1)

In triangle BOC, ∠BOC is denoted as β, and its cosine value is expressed by

β = arctan(

√
r2 − (r − Δh)2

r + R − Δh
) (2)

The angular ranges of the three stages are as follows:

⎧⎪⎨
⎪⎩

π − α < Ωt < π − β

π − β < Ωt < π + β

π + β < Ωt < π + α

(3)

Let the position of the center during Stage 1 be denoted as Q1. Consider triangle
G0OQ1, where the length OQ1 is l1, and ∠G0OQ1 is γ1. Then, γ1 can be expressed as

γ1 = Ωt − π + α (4)

Then, according to the cosine theorem, l1 can be expressed as

l1 = r
[

cos γ1 +

√
cos2 γ1 − (R/r)2 + 1

]
(5)

Let the position of the center during Stage 1 be denoted as Q2. Consider triangle
COQ2, where the length OQ2 is l2, and ∠COQ2 is γ2. Then, γ2 can be expressed as
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γ2 = |π − Ωt| (6)

Then, according to the cosine theorem, l2 can be expressed as

l2 = (R + r − Δh)/ cos γ2 (7)

Let the position of the center during Stage 3 be denoted as Q3. Consider triangle
G2OQ3, where the length OQ3 is l3, and ∠G2OQ3 is γ3. Then, γ3 can be expressed as

γ3 = π + α − Ωt (8)

Then, according to the cosine theorem, l3 can be expressed as

l3 = r
[

cos γ3 +

√
cos2 γ3 − (R/r)2 + 1

]
(9)

By combining Equations (1)–(10), the complete feed rate δ can be derived as

δ = R + r −

⎧⎪⎨
⎪⎩

l1, π − α < Ωt < π − β

l2, π − β < Ωt < π + β

l3, π + β < Ωt < π + α

(10)

As illustrated in Figure 3b, the axial target shape is similar to an isosceles trian-
gle, with a base width of w, a depth of hg, and a vertex angle of ε, which satisfies the
following relationship:

tan
ε

2
=

w/2
hg

(11)

Let the axial feed rate be z(t), the workpiece rotational speed be frot, and the axial feed
rate be fax; then, z(t) can be expressed as

z(t) = fax frott (12)

Drawing on Equations (1)–(12), the coordinated control of the roller’s axial and radial
feed can be effectively achieved. Thus, a comprehensive experimental procedure can be
established to meet the specified shape requirements. The radial feed of the roller for
forming depths ranging from 1 to 9 mm is detailed in Figure 4. The axial feed can be
designed according to three schemes.

Figure 4. The radial feed of the roller.
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2.2. Material Parameters

The tube material selected was 6063-O aluminum alloy. Its detailed chemical composi-
tion and mechanical property parameters are listed in Tables 1 and 2 [16,29,30], respectively.
The corresponding stress–strain curves are illustrated in Figure 5. The constitutive equation
of 6063-O aluminum alloy at room temperature is described by a power-hardening model,
expressed as

σ = σs + Kεn (13)

Table 1. Chemical composition of 6063-O aluminum alloy.

Element Content Range (%) Typical Value (%)

Aluminum (Al) Balance —
Silicon (Si) 0.20–0.60 0.40

Magnesium (Mg) 0.45–0.90 0.65
Iron (Fe) ≤0.35 0.25

Copper (Cu) ≤0.10 —
Manganese (Mn) ≤0.10 —

Zinc (Zn) ≤0.10 —
Titanium (Ti) ≤0.10 —

Other Impurities Single ≤ 0.05, Total ≤ 0.15 —

Table 2. Mechanical properties (typical values at room temperature) of 6063-O aluminum alloy.

Property Test Standard [31] 6063-O Aluminum Alloy

Tensile Strength (σb) ASTM B221 ≤180.2 MPa
Yield Strength (σs) ASTM B221 ≤68 MPa

Relative Elongation (δ5) ASTM B221 ≤56%
Hardness (HB) ASTM E18 ≤50 HB

Elastic Modulus (E) — 68–70 GPa
Poisson’s Ratio (ν) — 0.33

 

Figure 5. Stress–strain curve of 6063-O aluminum alloy.

In this model, the flow stress σ is defined as the instantaneous stress required to
sustain plastic deformation. The plastic strain ε is referenced to the yield point, with
ε = 0 corresponding to the onset of yielding. Here, σs denotes the yield strength
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of the 6063-O alloy, K is the strength coefficient, and n is the strain-hardening index.
These parameters were determined by fitting experimental stress–strain data, yielding
σs = 68 MPa, K ≈ 142.35 MPa, and n ≈ 0.38. For regions without plastic deformation
(where ε = 0), the material obeys Hooke’s law (σ = Eε), and the stress remains below the
yield strength.

2.3. Settings of the Finite Element Model

In this study, computational models were established using the Simufact Forming 16.0
finite element simulation platform. Three-dimensional geometric models were constructed
for key components, including the forming roller, tube, spindle, and tailstock. With the
exception of the tube, other components exhibit extremely small and negligible deformation,
so they are treated as rigid bodies. Specifically, the mandrel and roller are modeled as rigid
bodies due to their significantly higher hardness (45 steel, hardness > 180 HB) compared
to the 6063-O tube (annealed, hardness ~55 HB), resulting in negligible tool deformation
under actual forming forces (maximum ~0.4 kN). However, minor effects persist—such as
a slight overestimation of local contact pressure—though these are negligible for predicting
overall trends. Notably, for softer tooling (carbon steel) or extreme forces exceeding the
tools’ yield limits, the rigid-body assumption may introduce larger errors, though such
scenarios lie beyond the scope of this study.

The tube was fixed via two-point fixation using a spindle and a hydraulically driven
tailstock; one end was inserted into the spindle, and the other end was secured by the
tailstock’s conical tip, which extended into the tube and applied a pressure of 2–3 MPa. This
ensured coaxial rotation of the tube with the spindle (runout < 0.03 mm) and prevented
axial slippage. To simplify the model, the spindle and tailstock were merged into a single
model, with corresponding forces applied to simulate their functional roles. Mineral oil
containing anti-wear additives was uniformly sprayed onto the tube’s outer surface and the
roller (flow rate: 5 mL/min), maintaining a Coulomb friction coefficient of 0.12 ± 0.02 (with
0.12 adopted in simulations). The roller and spindle components were calibrated, ensuring
dimensional accuracy within ±0.02 mm, and the perpendicularity deviation between the
roller axis and the tube axis was controlled to <0.1◦. The tube’s wall thickness and outer
diameter were measured using a digital micrometer and vernier caliper. In the simulation,
a table-driven approach was adopted to ensure the accuracy of the roller’s axial and radial
movements. This means that all movements are time-synchronized, with each time point
corresponding to a specific position of the roller.

The radius of the roller is 75 mm. Material properties can be directly simulated
by inputting the corresponding data into the software. As depicted in Figure 6, the
tube has the following dimensional specifications: an overall length of 120 mm, an outer
diameter of 30 mm, and a wall thickness of 2 mm. The tube was firmly mounted between
the spindle and tailstock mechanism, with both ends equipped with 40 mm long axle
insertions to guarantee precise concentric alignment between the tube, spindle, and tailstock
components. The target forming section of the tube remained unconstrained within the
central hollow area. The contact surface of the roller featured a small nose radius of 2 mm.
The experiment was conducted at room temperature, so the temperature was set to 25
degrees Celsius. Material properties can be simulated by inputting the data from Tables 1
and 2, along with Equation (13), into the software.

The finite element model was constructed using 3D hexahedral elements (Sheetmesh)
with reduced integration, which is well suited for handling large plastic deformation and
mitigating mesh distortion. To balance computational efficiency and simulation accuracy,
a uniform meshing strategy was adopted with a consistent mesh size throughout the
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entire model. The consistent mesh size was set to 0.5 mm, determined by the geometric
characteristics of the tube (wall thickness 2 mm) and the right-angle groove (minimum
radius 2 mm). This size ensures that the deformation zone (e.g., contact area between the
roller and tube) is discretized into at least 4 elements along the thickness direction, which
is sufficient to resolve local strain gradients while avoiding excessive computational load.
This ensures sufficient resolution to capture local strain gradients in deformation zones
(contact areas between the tube and roller) while maintaining a manageable computational
load. A mesh convergence study was performed for the 6063-O aluminum alloy tubes with
a 2 mm wall thickness, focusing on the number of element layers through the thickness
(1, 2, and 3 layers). Considering the significant local strain gradients in deformation zones,
the three-element layer configuration, despite increasing the computation time by 15%
compared to the two-element layer, more accurately captured the stress–strain distribution,
especially in stress-concentrated regions such as the groove bottom. Quantitative compar-
ison showed that the one-element layer underestimated the maximum equivalent stress
at the groove bottom by 12% compared to the three-element layer, while the two-element
layer exhibited a 5% deviation. The three-element layer, despite increasing the computation
time from 8 h to 9.2 h (on a 16-core workstation), achieved a convergence error of <2%
relative to a finer four-element layer, confirming its optimality. Thus, the three-element
layer mesh was selected as optimal for subsequent simulations.

 

Figure 6. The 3D geometric models of the spinning device. (a) Axonometric view. (b) Top view.
(c) Left view.

The nonlinear finite element solver MSC.Mar 11.13 was employed for the simula-
tions, with the key solver parameters configured as follows: the timestep was dynamically
adjusted within the range of 1 × 10−6 to 1 × 10−5 s, scaled by the smallest element size
in the model to ensure numerical stability. The scaling followed the Courant–Friedrichs–
Lewy (CFL) condition with a safety factor of 0.3, i.e., timestep = 0.3 × (smallest element
size/maximum material flow velocity). For the 0.5 mm element size, the maximum flow
velocity (≈0.1 m/s during peak deformation) yielded the calculated timestep range, ensur-
ing numerical stability in high-strain regions. Convergence criteria were defined as a force
residual threshold of <1 × 10−5 N and a displacement tolerance of <1 × 10−6 m, ensuring
sufficient accuracy for capturing deformation characteristics. The force residual threshold
corresponds to 0.1% of the maximum forming force (≈0.4 kN) measured in experiments,
while the displacement tolerance is 0.5% of the minimum wall thickness change (0.2 mm)
observed, ensuring that the simulated results match the experimental accuracy.

3. Simulation Results and Verification

To validate the reliability of the simulation results, this study took Scheme II as the
comparison object. A comparison of macroscopic appearances between the simulations and
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experiments is shown in Figure 7. The shapes from both the simulations and experiments
are highly consistent.

 

Figure 7. Comparison of the experimental and simulation results. (a) Main view. (b) Top view.
(c) Left view.

To accurately measure the wall thickness, the tube is cut along the axial direction (as
indicated by the tangent line in Figure 7). To further validate the simulation reliability, the
simulated wall thickness was compared with the experimental data. Figure 8 illustrates
the wall thickness distribution at 15 positions along the axial section. The maximum wall
thickness difference between the simulation and experiment at position 4 is 4.8%. The
experimental and simulated wall thickness results are in close agreement.

Figure 8. The wall thickness distribution. (a) Axial sections of the experimental and simulation
results. (b) The wall thickness result.

Table 3 presents the forming depth, width, and angle from both the simulation and
experiments. All experiments were performed in triplicate, with mean values calculated
from repeated measurements. The maximum relative error rates are 12.1% for the form-
ing depth, 7.8% for the forming width, and 5.1% for the forming angle. The measured
groove dimensions in both the simulation and experiments were recorded after complete
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unloading to account for postforming elastic recovery, which emerges as the dominant
factor for depth discrepancies. For 6063-O aluminum, the material exhibits significant
springback after spinning; the simulations predict a depth reduction of ≈0.21–0.33 mm due
to elastic recovery (from the maximum roller feed to the final dimension), while the experi-
mental measurements show an additional ≈ 1–1.1 mm reduction. This total springback of
1.2–1.4 mm explains why both results fall below the nominal 9 mm target, with the 12.1%
maximum discrepancy arising from the slight overestimation of plastic deformation in sim-
ulations, and the springback was not fully simulated. Friction variations further contribute
to angle deviations (up to 5.1%). The simulations adopted a constant Coulomb friction
coefficient (0.12) across the contact interface, whereas experimental lubrication showed
localized unevenness. This non-uniform friction altered the plastic flow direction near the
apex, causing the experimental angle to be 2–4.5◦ steeper than the simulated values.

Table 3. The forming depth, width, and angle.

Scheme Depth (mm) Width (mm) Angle (◦)

I 7.64 18 95.34
Experiment II 7.60 16 92.93

III 7.74 17 94.36
I 8.73 17.9 91.43

Simulation II 8.67 17.4 90.19
III 8.79 17.5 89.73

Similar errors also occurred in [28], and they were within an acceptable range. There
are acceptable differences between the simulation results and the experimental results,
which confirm the accuracy.

4. Discussion

This section explores the forming mechanism of right-angle groove spinning, involving
a thorough analysis of the forming process, equivalent stress, and strain distribution. Based
on the simulation results, these aspects will be systematically expounded and discussed in
the following sections.

4.1. Analysis of the Forming Process

The spinning process is illustrated in Figure 9. Scheme III is single-pass forming. As
the roller makes periodic contact with the tube, a local straight slope gradually develops in
the middle of the tube until reaching the maximum forming depth of 9 mm. Initially, one
slope of the right-angle groove is formed, and the process continues until the other slope is
completed, finally forming a fully developed right-angle groove. The forming processes
of Schemes I and II are analogous; through multi-pass spinning, small local grooves are
generated at the end of each pass, progressively accumulating until a complete 9 mm deep
right-angle groove is achieved. This multi-pass deformation mechanism indicates that the
spinning device can be effectively modeled with roller paths in a 3D finite element model,
capturing the incremental formation of complex geometries via roller–tube interactions.

In order to analyze the wall thickness distribution characteristics in right-angle groove
spinning, a key issue arises from non-axisymmetric deformation. Taking Scheme II as an
example, each pass forms a partial right-angle groove profile. Focusing on the fourth pass,
Figure 10 illustrates the wall thickness measurements at five axial–tangential positions.
Notably, the wall thicknesses of the two straight slopes exhibit symmetry at the same
forming depth, while a slight thickening occurs in the transition zone between the deformed
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and non-deformed regions. This phenomenon is attributed to the resistance from the non-
deformed material at the end of each forming pass, which restricts metal flow and causes
local accumulation. With the increase in forming depth, wall thinning becomes more
significant. When the depth is 3 mm, no obvious thickness change can be observed. As the
depth reaches 6 mm, the thinning amount exceeds 0.15 mm. At the final depth of 9 mm,
the maximum thinning at the groove bottom approaches 0.42 mm. A larger feed depth
leads to higher forming forces, leading to more significant wall thickness thinning.

 

Figure 9. Deformation process of right-angle groove spinning. (a) Scheme I. (b) Scheme II. (c) Scheme III.

Figure 10. Wall thickness variation in the axial section. (a) 3 mm (lower slope). (b) 6 mm (lower
slope). (c) 9 mm (maximum). (d) 6 mm (upper slope). (e) 3 mm (upper slope).

For the tangential cross-section at a forming depth of 9 mm (as depicted in Figure 11),
thinning occurs across the deformed zone, with the most substantial reduction being
observed in the central area. The preforming central thinning was approximately 0.25 mm,
which increased to nearly 0.4 mm during the forming process, accompanied by minimal
post-forming variation. This suggests that wall thinning mainly occurs during the stage
of maximum axial feed, when the roller exerts the highest radial force, thereby driving
intensive metal flow along the axial direction. The wall thickness change is also evident
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between the roller entry and exit sides; the entry side exhibits more pronounced thinning,
whereas the exit side accumulates more material due to successive roller passes, which
results in higher resistance and localized thickening.

Figure 11. Wall thickness variation in the radial section. (a) Before forming. (b) During forming.
(c) After forming.

In summary, non-axisymmetric die-less spinning of right-angle grooves results in
a non-uniform wall thickness distribution, characterized by maximum thinning at the
right-angle groove vertex and partial thickening at the deformation boundary.

4.2. The Stress Distribution

Figure 12 illustrates the equivalent stress distributions at various stages of the fourth
pass with a forming depth of 9 mm for Scheme II. Since the deformation trajectory of
the roller is divided into three stages, the stress distribution of each stage is observed as
follows: the forming process is divided into the following stages: pre-forming (preparatory
setup before deformation), stage 1 (initiation of deformation), stage 2 (application of
maximum feed depth (9mm)), stage 3 (transformation nearing completion), and final
forming (completion of the process).

The analysis reveals that during pre-forming, stress concentrates on one slope of the
groove (the recently processed area), reflecting equivalent stress from previous passes. In
Stage 1, stress is concentrated in the roller’s contact area, and the feed depth is minimal
at this stage. The process then enters Stage 2; as the forming depth increases, the stress
magnitude gradually increases, resulting from the cumulative plastic deformation caused
by the roller’s incremental penetration. When the process enters Stage 3 and the feed depth
decreases, the stress decreases accordingly. After the forming is completed, the roller finally
separates from the tube. Notably, the maximum stress consistently remains at the bottom
of the right-angle groove throughout the entire process. The high equivalent stress in this
area is prone to causing springback, thereby affecting forming accuracy.

Different spinning schemes not only directly determine the groove’s shape and size
but also affect wall thickness and stress–strain distributions, which, in turn, influence the
mechanical properties of the spinning component.

The maximum stress occurs at the maximum forming depth. By comparing the
equivalent stress after the maximum forming depth in each pass of Scheme I and Scheme
II, the forming effects of different schemes can be evaluated. As Scheme III involves single-
pass forming, four uniformly selected positions based on the forming sequence are used to
observe the forming effect, and T represents the working condition progress, as shown in
Figure 13. Single-pass forming in Scheme III leads to unidirectional metal flow, eventually
causing stress to concentrate on one side of the groove. Although the target shape can be
achieved, excessive wall thickness variation results in an inferior forming effect.

Similar phenomena occur in Scheme I and Scheme II. However, in multi-pass forming,
the incremental metal flow in each pass and the reversed flow direction between passes
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weaken this effect. In both schemes, equivalent stress concentrates at the bottom of the
right-angle groove, with little difference between the schemes. Scheme I exhibits slightly
higher equivalent stress in the first three passes than Scheme II but lower equivalent stress
in the last pass. Notably, the last pass has the most significant impact on the forming
process, as previously processed areas undergo reprocessing. Consequently, Scheme I
demonstrates slightly better forming performance than Scheme II.

Figure 12. The equivalent stress distribution. (a) Pre-forming. (b) Stage 1. (c) Stage 2. (d) Stage 3.
(e) Final forming.

 

Figure 13. Equivalent stresses of the three schemes. (a) Scheme I. (b) Scheme II. (c) Scheme III.
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The multi-directional stress distribution in the post-forming deformed region is pre-
sented in Figure 14. For the maximum principal stress (Figure 14a), tension dominates,
with a peak value of 106.43 MPa. The high-stress area concentrates on the slope of the
roller exit side, forming a band-shaped distribution extending along the roller’s pressing
direction. This area aligns with the equivalent stress concentration zone at the groove, with
both reflecting the core deformation principle of the spinning process. The intermediate
principal stress (Figure 14b) exhibits a distinct mixed tension-compression state; a tensile
peak of 80.88 MPa and a compressive valley of −85.49 MPa coexist spatially. This duality
mirrors the non-uniform circumferential deformation constraints—the stronger constraint
on one side of the groove induces compressive stress, while the weaker constraint on the
opposite side triggers tension. For the minimum principal stress (Figure 14c), compression
is dominant, with a valley value of −125.36 MPa. Its high-magnitude compressive stress
zone closely coincides with the bottom of the groove, corresponding to the radial extrusion
deformation of the tube wall (where the roller presses the wall, causing radial thickness
reduction and compressive stress concentration). The distribution pattern of the three
principal stresses intuitively reveals the mechanical field characteristics of “local forced
deformation” in spinning: stress concentration with tension-compression coupling in the
core contact zone and a gradient decay of stress magnitude toward the non-contact transi-
tion zone. These features align well with the experimental observations of deformation
uniformity and stress-induced springback.

Figure 14. The multidirectional stress distribution in the deformation zone. (a) Maximum principal
stress. (b) Intermediate principal stress. (c) Minimum principal stress.

4.3. The Strain Distribution

Similarly to Figure 12, Figure 15 depicts the equivalent strain distribution of the fourth
pass with a forming depth of 9 mm for Scheme II. Slight strain variation is observed before
and after forming, while the maximum strain occurs in the roller exit area. This is attributed
to metal accumulation caused by the roller at this location, where the roller’s action leads
to increased wall thickness and significant deformation.

Notably, the strain at the bottom of the right-angle groove is significantly higher
than in other regions and is directly correlated with the progressive wall thinning as the
forming depth increases. The underlying mechanism can be summarized as follows: at the
roller exit (specifically at the interface between the deformed and non-deformed zones),
tangential stress exceeds that in other regions, causing localized metal accumulation. Here,
the metal flow is predominantly tangential, with a minor axial movement component. This
phenomenon becomes more pronounced with a deeper forming depth.

To further analyze the deformation, the post-molding deformation area was selected as
the observation target. As shown in Figure 16, the major strain, minor strain, and thickness
strain in the spinning deformation zone exhibit distinct distribution characteristics: the
major strain, dominated by tensile deformation (peak value: 0.41) and concentrated in the
bottom of the groove, reflects dominant axial constraints; the minor strain, with a mixed
positive and negative distribution (negative peak: −0.23), reveals uneven circumferential
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constraints; the thickness strain, centered on radial thinning (peak: −0.26) and strongly
coupled with the major strain, aligns with the constant volume assumption in plastic
deformation, consistent with the aforementioned content.

Figure 15. The equivalent strain distribution. (a) Pre-forming. (b) Stage 1. (c) Stage 2. (d) Stage 3.
(e) Final forming.

Figure 16. The multidirectional strain distribution in the deformation zone. (a) Major strain.
(b) Minor strain. (c) Thickness strain.

5. Conclusions

This study focuses on non-axisymmetric die-less spinning of right-angle grooves in
the middle of a tube, verifying the proposed method’s credibility via 3D finite element
simulation. The core contents are as follows.

(1) The macroscopic shape and wall thickness variations from simulations and experi-
ments are largely consistent, validating the model’s accuracy and demonstrating the
feasibility of the proposed forming method.

(2) Single-pass forming exhibits severe stress concentration, uneven wall thickness, and
unidirectional metal flow, leading to low forming accuracy. Multi-pass forming
mitigates stress concentration through staged deformation. Scheme I outperforms
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Scheme II because of the lower equivalent stress in the last pass and more uniform
wall thickness distribution.

(3) The deformation zone experiences overall wall thickness thinning. The maximum
stress localizes at the bottom of the right-angle groove, increasing with the forming
depth. Springback causes the actual depth to be slightly less than the ideal value
(9 mm). The strain at the groove bottom is higher than in other regions due to the
more pronounced wall thickness thinning, while the strain in the roller exit region is
significantly elevated by localized thickening due to metal accumulation.

6. Prospects

In future research, the geometric parameters of the roller and roller trajectories can
be further optimized to quantitatively investigate their effects on the forming accuracy of
right-angle grooves. Additionally, the research scope can be expanded to include high-
strength alloys such as titanium alloys and stainless steel, focusing on the stress–strain
behavior of these alloys during forming. The integration of artificial intelligence algorithms
to optimize multi-pass forming paths is also promising, as it can improve control over wall
thickness uniformity. Further improving the accuracy of numerical simulations remains an
important research objective. Finally, the development of novel methods for forming more
complex geometries will be explored to expand the applicability of this spinning technique.
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Abstract: In additively manufactured (AM) Ti-6Al-4V, the role of martensitic α′ in govern-
ing brittleness versus toughness remains debated, largely because complex thermal histo-
ries and other intertwined physical factors complicate interpretation. To isolate and clarify
the intrinsic effect of cooling rate, we employed a Gleeble thermal simulator, which enables
precisely controllable cooling rates while simultaneously achieving ultra-fast quenching
comparable to AM (up to ~7000 ◦C/s). By varying the cooling rate only, three distinct
microstructures were obtained: α/β, αm/α′, and fully α′. Compression tests revealed
that the ultra-fast-cooled fully martensitic Ti-6Al-4V attained both higher strength and
larger fracture strain, with densely distributed elongated dimples indicative of ductile
failure. Three-dimensional microstructures reconstructed from microscopy, analyzed using
an EVP-FFT crystal plasticity model, demonstrated that refined α′ laths and abundant
high-angle boundaries promote more homogeneous strain partitioning and reduce stress
triaxiality, thereby delaying fracture. These results provide potential evidence that extreme-
rate martensitic transformation can overcome the conventional strength–ductility trade-off
in Ti-6Al-4V, offering a new paradigm for processing titanium alloys and AM components
with superior performance.

Keywords: elasto-viscoplasticity; misorientation angle; full martensite; Gleeble; elongated
dimple

1. Introduction

Ti-6Al-4V (T64) is one of the most widely used titanium alloys in aerospace and
biomedical applications due to its excellent fatigue resistance, high strength-to-weight
ratio, toughness, corrosion resistance, and biocompatibility. Traditionally, α/β Ti-6Al-4V
microstructures have been manufactured by melting, casting, and secondary processes
such as hot isostatic pressing (HIP). However, with the rapid advancement of additive
manufacturing (AM) techniques such as selective laser melting (SLM) and direct laser
deposition (DLD), these conventional methods are increasingly being complemented or
replaced. AM offers net-shape fabrication with high design freedom, low material waste,
and the ability to produce complex geometries, making it particularly attractive for on-
demand and customized Ti-6Al-4V components [1].

In AM, the tiny melt pool generated during layer-wise printing inherently introduces
very high cooling rates (on the order of ~105 K s−1), which frequently result in the formation
of martensitic α′ microstructures in as-built Ti64 [2]. Traditionally, α′ has been regarded as
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intrinsically brittle and thus responsible for reduced ductility, leading to extensive efforts to
suppress or decompose it through in situ α′ → α + β transformation by process parameter
tuning [3], substrate preheating [4], or post-build heat treatments [5]. However, the blanket
assumption that α′ is necessarily detrimental to ductility merits careful re-examination. A
number of studies [6–9] have reported that Ti64 containing mixed α + α′—and even fully α′—
can achieve ductility comparable to conventionalα/β Ti64. De Formanoir et al. [10] showed that
dual-phase α/α′ Ti64 produced by sub-transus heat treatment of AM-built material exhibited
elongations up to ~22%. Zafari et al. [11] tuned SLM parameters to obtain fully α′ Ti64 with
yield strength and tensile elongation comparable to the best commercial wrought α/β Ti64. Zou
et al. [12] further indicated that refining prior-β grains can simultaneously enhance strength
and ductility. Despite these promising results, AM is not ideal for isolating the intrinsic role
of cooling rate in martensitic Ti64 because (1) multiple sources of uncertainty hinder precise
control of the product uniformity [13]; (2) the complex multi-physical phenomena in AM
(including rapid thermal cycles and melt-pool dynamics [2,14,15] confound the interpretation, in
particular, the mechanistic interpretation of how ultra-fast cooling rate alone governs martensitic
transformation and mechanical response.

To bypass the above limitations and decouple the cooling rate from other AM physics,
we employ a Gleeble 3500D thermal simulator (Dynamic Systems Inc., Poestenkill, NY,
USA) [16–18]. Unlike AM, the Gleeble platform offers precisely controllable cooling rates
in a uniform, well-instrumented environment while still achieving ultra-fast cooling rates
comparable to AM (up to ~7000 ◦C s−1). Prior work has leveraged Gleeble-mimicked AM
thermal cycles to reproduce microstructures otherwise accessible in AM, thereby validating
its fidelity to AM-like kinetics [2]. In the present study, Gleeble enables us to produce
uniform Ti64 microstructures—lamellar α/β (slow cooling), mixed αm/α′ (intermediate
cooling), and fully α′ (ultra-fast cooling)—solely by varying the cooling rate, thus isolating
its effect on microstructure and properties. Despite this capability, a systematic verification
that pure α′ Ti64 can exhibit excellent ductility—benchmarked directly against α/β and
αm/α′ counterparts obtained under isolated cooling-rate control—has remained lacking.

Concurrently, the development of fast Fourier transform-based elasto-viscoplastic
(EVP-FFT) crystal plasticity modeling provides an effective and computationally effi-
cient framework to interrogate local micromechanics in plastically deforming heteroge-
neous polycrystals using 3D reconstructed microstructures [19,20]. For Ti-alloy systems,
Ozturk et al. [21] built synthetic 3D microstructures from experimental images to assess
structure–property relations in α/β Ti-6Al-4V, while Liu et al. [22] integrated FEM, phase-
field modeling, and EVP-FFT to study AM Ti-6Al-4V with varying lamellar α/β architec-
tures. These advances enable quantitative linkage from microstructure morphology (e.g.,
phase fractions) to macroscopic yield behavior, strain partitioning, and damage precursors
across α/β, αm/α′, and fully α′ Ti64.

Herein, we first aim to verify whether an extremely high cooling rate (~7000 ◦C s−1)
can indeed enable a fully martensitic Ti64 to achieve a superior combination of strength
and ductility. To this end, we systematically compare the mechanical response of ultra-fast-
cooled α′ microstructures with that of α/β and αm/α′ states obtained at lower cooling
rates. After establishing this performance advantage, we further investigate the underlying
micromechanical mechanisms. Specifically, phases and features are characterized by optical
and scanning electron microscopy and a piezo-tribo scanner, enabling reconstruction of
three distinct 3D digital microstructures as inputs to an EVP-FFT crystal plasticity model.
By calibrating the model against compression experiments, we quantify the effects of
morphology on yield behavior, strain partitioning, and stress triaxiality. We demonstrate
that a high density of high-angle grain/phase boundaries and refined α′ laths facilitates
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more homogeneous strain distribution and suppresses localized damage, thereby explain-
ing the enhanced ductility of martensitic Ti64 under extreme cooling. These insights
establish a cooling-rate-driven paradigm for engineering martensitic Ti-alloys—and AM
components—with simultaneously high strength and ductility.

2. Materials and Experimental Procedures

Commercial Ti-6Al-4V (Ti64) plates (Sigma-Aldrich Inc., St. Louis, MO, USA) were
machined into 9.0 × 9.0 × 9.0 mm3 cubes using a precision diamond saw. Each cube was
sandwiched between graphite electrodes and subjected to a constant force of approximately
5.0 kPa to ensure full contact in the Gleeble 3500D thermal simulator, as illustrated in
Figure 1, similar to our previous study [2]. Throughout the heating and cooling processes,
the chamber was filled with high-purity argon to suppress oxidation. The samples were
rapidly heated to 1100 ◦C by direct electrical resistance, held for 10 min to guarantee
complete transformation to the β phase, and subsequently cooled under three distinct
conditions: (i) furnace/grip cooling (Case 1), (ii) air quenching (Case 2), and (iii) fast
water-flow quenching (Case 3). The corresponding in situ time–temperature curves can be
obtained to quantify the cooling rate.

Figure 1. Schematic diagram of the Gleeble 3500D setup with assembled Ti64 sample [2]. The left-pointing
arrow on the right side denotes the applied pressure direction during Gleeble thermal simulation.

After cooling, each sample was sectioned to expose a fresh cross-section, which was ground
using a Struers Tegrapol-11 polisher (Cleveland, OH, USA) followed by fine polishing with
a Buehler VibroMet-2 (Lake Bluff, IL, USA). Phase analysis was performed by X-ray diffrac-
tion (XRD). Samples were subsequently etched in Kroll’s reagent (2 mL HF, 4 mL HNO3, 50
mL H2O; 25 s) and ultrasonically cleaned before microstructural characterization. Optical
microscopy (OM) and scanning electron microscopy (SEM) were employed to reveal microstruc-
tural morphology. After further vibration polishing, electron backscatter diffraction (EBSD)
was performed using a ZEISS SUPRA-40 field emission SEM (Carl Zeiss AG, Oberkochen,
Germany) equipped with an EDAX Hikari EBSD camera (AMETEK, Berwyn, PA, USA). Data
were analyzed with TSL OIM™ software, version 6.2, with a representative ~1000 × 1000
μm2 area scanned at a 2 μm step size to obtain grain misorientation statistics. In addition,
topographic scanning was performed with the piezo-tribo scanner in a Hysitron Triboindenter
(scanning area: 40 × 40 μm2) (Bruker Hysitron, Billerica, MA, USA), enabling quantitative
analysis of phase morphology and lath dimensions. Phase size and grain morphology were
further quantified using ImageJ 1.52 software.

Mechanical properties were evaluated by compression testing on an Instron 5882
machine (Instron, Norwood, MA, USA) equipped with a 25 mm extensometer. Tests
were conducted at room temperature with a constant strain rate of 0.001 s−1. For each
condition, four replicate samples were tested to ensure reproducibility, and average values
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are reported. It is noted that the small cubic geometry was intentionally selected to facilitate
the achievement of extremely high cooling rates and uniform microstructures, making
compression testing more reliable than tensile testing under these conditions.

3. Model Descriptions

3.1. FFT Based Elastic-Viscoplastic Self-Consistent Model

The detailed formulation of the fast Fourier transform (FFT)-based elasto-viscoplastic
(EVP-FFT) approach has been reported elsewhere [19]. Here, we briefly summarize the
key theoretical framework adopted in this study. The total strain field ε(x) can be written
as follows:

ε(x) = C−1(x) : σ(x) + εp,t(x) +
.
ε

p
(x)Δt (1)

where C(x) is the elastic stiffness tensor, εp(x) is the plastic strain tensor. The plastic strain-
rate

.
ε

p
(x) is a constitutive relation with stress σ(x) at a single crystal material point x by a

sum over the N active slip systems, of the form:
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ε

p
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∑
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τs

0(x)
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sgn(ms(x) : σ(x)) (2)

where
.
γ

s
(x),

.
γ0 and ms(x) are, respectively, the shear rate, normalization factor, and

Schmid tensor of slip systems, τs
0(x) is the critical resolved shear stress (CRSS), n is a stress

exponent, namely, the inverse of the rate-sensitivity exponent.
The stress σ(x) can be written as:

σij(x) = ϕij(x) + C0
ijkl(x)uk,l(x) = ϕij(x) + C0

ijkl(x)εkl(x) (3)

where uk,l(x) represents the displacement gradient tensor and εkl(x) = (uk,l(x) + ul,k(x))/2,
ϕij(x) is the polarization field. Combining Equation (3) with the equilibrium equation
(σij,j(x) = 0):

C0
ijkl(x)uk,l j(x) + ϕij,j(x) = 0 (4)

The differential Equation (4) for a unit cell with periodic boundary conditions and
an initial strain can be solved using the Green function method. As the periodic Green
function Gkm(x) is related to the displacement field uk(x), the solution of uk(x) is obtained
by the convolution:

uk,l(x) =
∫

R3
Gki,jl

(
x − x’

)
ϕij

(
x’
)

dx’ (5)

Further transferring Equation (5) into Fourier space by the convolution theorem, the
compatible strain field εij(x) deriving from the solution of Equation (4) is given by:

εij(x) = Eij + FT−1
(

sym
(

Γ̂0
ijkl(ξ)

)
ϕ̂kl(ξ)

)
(6)

where the symbol of “ˆ” and “FT−1” indicate the Fourier transform and its inverse trans-
formation, respectively, ξ is a frequency point in Fourier space Γ̂0

ijkl(ξ) = −ξ jξl Ĝik(ξ), the
Green operator in Fourier space is a function of the reference stiffness tensor and frequency,

in which Ĝik(ξ) =
[
C0

kjilξlξ j

]−1
.

Equation (6) is a fix-point equation for the strain field that allows solving the constitutive
and governing equations iteratively. In practice, for better convergence of our micromechanical
model, we use a modified version of the above algorithm, based on the augmented Lagrangian
formulation of Michel et al. [23], adapted to the EVP polycrystals (see [19] for details).
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3.2. Voce-Type Hardening Law

Considering the strain hardening, the extended Voce Law [24,25] is used to describe
the relationship between threshold stress τs and total accumulated shear strain Γ, given by:

τs(Γ) = τs
0 + (τs

1 + θs
1Γ)

(
1 − exp

(
−Γ

∣∣∣∣ θs
0

τs
1

∣∣∣∣
))

(7)

where θ0 and θ1 are the initial and asymptotic hardening rates, respectively, (τ0 + τ1) refers
to the back-extrapolated stress. The elastic constants of β, α, and α′ phases and hardening
parameters used for the Voce model are further calibrated in Section 4.2.2, correlating with
compression test results.

4. Results

4.1. Experimental Results
4.1.1. Phase and Microstructure Analysis

The real-time heating and cooling histories under the three Gleeble-controlled conditions
are presented in Figure 2a, and the corresponding cooling-rate windows between theβ-transus
and the martensite start temperature are summarized in Figure 2b [26]. Before cooling, all
phases in the as-received samples were transformed to β due to 1100 ◦C > Tβ = 994 ◦C, and
the 10 min holding at 1100 ◦C ensured a complete α + β→ β transformation. As illustrated in
Figure 2a, subsequent cooling produced three distinct conditions with approximate average
cooling rates of 1 ◦C/s, 145 ◦C/s, and 7000 ◦C/s, corresponding to α/β (Case 1), αm/α′ (Case
2), and fully α′ (Case 3) microstructures, respectively, as predicted by the Ti-6Al-4V cooling
diagram (Figure 2b). These predictions are verified by XRD (Figure 2c): Case 1 retains both
α and β peaks, consistent with a lamellar α/β structure; Case 2 shows weakened β peaks
with broadened and shifted α peaks, indicative of coexisting massive α and martensitic α′;
Case 3 exhibits only α′, confirming a fully martensitic transformation at the highest cooling
rate. Although α and α′ share similar lattice structures, their morphological differences are
clarified in etched OM micrographs (Figure 3).

Figure 2. (a) In situ time–temperature curves and average cooling rates between β-transus and
martensite start temperature; (b) Schematic cooling diagram of Ti-6Al-4V [26]; (c) XRD patterns of
Ti64 under different cooling conditions.
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Figure 3. Optical microscopy (OM) images of etched samples with different cooling rates: (a) as-
received sample, (b) Case 1: 1 ◦C/s, (c) Case 2: 145 ◦C/s, and (d) Case 3: 7000 ◦C/s. Hollow arrows
indicate prior-β boundaries, and red outlines highlight colony structures.

Figure 3 further illustrates the morphological differences among cases. The as-received
sample (Figure 3a) shows a typical rolled structure consisting of ellipsoidal α plates delin-
eated by thin β films. After Gleeble treatment, prior-β grains coarsened to ~400 μm and
changed shape from ellipsoidal to polygonal due to the 10 min holding at 1100 ◦C. Across
all cases, the prior-β grain size remained ~400 μm, reflecting the identical heating sched-
ule. Case 1 (Figure 3b) presents classical lamellar α/β colonies nucleated preferentially at
prior-β boundaries (indicated by hollow arrows). In Case 2 (Figure 3c), massive α plates
distribute mainly along prior-β boundaries and within some grains, while α′ laths fill the
remaining regions, forming an αm/α′ dual microstructure. Case 3 (Figure 3d) shows sharp
prior-β interfaces without boundary α films, characteristic of a fully martensitic structure.

In detail, Case 1 exhibits a typical lamellar α/β structure composed of numerous α
colonies. As indicated by the hollow arrows in Figure 3b, prior-β grain boundaries serve as
preferential nucleation sites for α plates, which subsequently grow inward to form colony
structures (outlined by red lines) [27]. The XRD pattern of Case 1 (Figure 2c) also shows
pronounced β peaks, confirming a significant β fraction. By contrast, Case 3 (Figure 3d)
reveals no α boundary layers; instead, sharp prior-β interfaces are preserved (black arrows),
consistent with a fully martensitic transformation and with the absence of β reflections in
Figure 2c, Case 3 [28]. Case 2 (Figure 3c) represents an intermediate state where massive
transformation and martensitic transformation occur simultaneously, leading to a mixed
αm/α′ microstructure. The αm plates are mainly distributed along prior-β boundaries
and partially within grains [26], while α′ laths occupy the same β grains. The residual
β fraction in Case 2 is extremely small, reflected by weak β peaks in Figure 2c; this β

is typically retained within bulk α, i.e., the αm phase [2]. Moreover, the presence of α′

broadens and slightly shifts the α/α′ reflections, further confirming that both Case 2 and
Case 3 contain martensitic α′. To characterize these phase features in detail, topography
and SEM imaging were conducted to quantify morphology—including thickness, length,
and volume fraction—as summarized in Table 1.
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Table 1. Phase dimensions and fractions under different cooling rates.

Sample
Cooling Rate

(◦C/s)
Phase

Average
Thickness (μm)

Average
Length (μm)

Average
Fraction (%)

Case 1 1
α 2.5 ± 1.0 325 ± 75 87.5 ± 2.5
β 0.25 ± 0.15 325 ± 75 12.5 ± 2.5

Case 2 145
αm 8.0 ± 2.0 325 ± 75 35 ± 5

Primary α′ 2.5 ± 0.5 325 ± 75 17.5 ± 2.5
Secondary α′ 4.5 ± 0.5 7.5 ± 0.5 47.5 ± 2.5

Case 3 7000
Primary α′ 2.5 ± 0.5 325 ± 75 7.5 ± 2.5

Secondary α′ 0.6 ± 0.2 4.5 ± 1.5 92.5 ± 2.5

To quantify phase features, surface topography, and SEM images (Figure 4) were
analyzed. Two α′ morphologies were distinguished: primary α′, coarse parallel-sided
needles adjacent to prior-β boundaries, and secondary α′, ultrafine needles distributed
within grains. A remarkable primary α′ was captured by piezo-tribo scanning at the prior-β
boundary in Case 3 (Figure 4c), confirming its significantly larger thickness and length
compared to secondary α′. Comparing Case 2 (Figure 4b) and Case 3 (Figure 4c), both
primary and secondary α′ became shorter and finer as the cooling rate increased. With
the ImageJ 1.52 software, quantitative thickness, length, and volume fraction of phases
are summarized in Table 1, which also served as input data for reconstructing digital
microstructures for EVP-FFT modeling (see Section 4.2.1).

Figure 4. Surface topography images (a–c) and SEM images (d–f) of etched samples: (a,d) Case 1,
(b,e) Case 2, and (c,f) Case 3.

4.1.2. Compression Testing and Work Hardening Behaviors

The engineering compressive stress–strain curves up to fracture are shown in Figure 5a.
Two characteristic points are of primary interest: the yield point and the ultimate compres-
sive point. Because Ti-6Al-4V does not exhibit an obvious yield drop under compression,
the 0.2% offset method was applied to define the compressive yield strain (εcy0.2) and
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yield stress (σcy0.2). The maximum stress sustained at fracture is reported as the ultimate
compressive strength (σcu), corresponding to the ultimate strain (εcu).

Figure 5. Compression tests of Ti-6Al-4V under different cooling conditions: (a) engineering stress–
strain curves, (b) true stress-strain curves, (c) work-hardening rate (θ) as a function of true strain,
and (d) work-hardening coefficient (n) as a function of true strain.

As summarized in Table 2, Case 1 (α/β, 1 ◦C/s) starts to yield at εcy0.2 ≈ 0.029 with
σcy0.2 ≈ 790 MPa, close to the value reported in [29]. At εcu ≈ 0.12, shear fracture initiates
along a 45◦ plane with σcu ≈ 1161 MPa. In Case 2 (αm/α′, 145 ◦C/s), both εcy0.2 and σcy0.2

increase to ~0.039 and ~1215 MPa, respectively. However, fracture occurs earlier, at εcu ≈
0.08, although the corresponding σcu rises to ~1478 MPa, higher than that in Case 1. With
further increase in the cooling rate to 7000 ◦C/s (Case 3, fully α′), the highest εcu ≈ 0.17
and σcu ≈ 1519 MPa are obtained simultaneously. The yield point of Case 3 is εcy0.2 ≈ 0.037
with σcy0.2 ≈ 1074 MPa. These results indicate that full martensitic transformation induced
by extremely high cooling rate enables Ti-6Al-4V to achieve both excellent ductility and
high compressive strength.

Table 2. Compressive yield strain/stress and ultimate compressive strain/strength for different cases.

Specimens
Compositions

(Phase)
Cooling

Rate (◦C/s)
εcy0.2 εcu σcy0.2 (MPa) σcu (MPa)

Case 1 α/β 1 0.029 0.12 790.3 1160.5
Case 2 αm/α′ 145 0.039 0.08 1214.7 1478.3
Case 3 α′ 7000 0.037 0.17 1074.0 1519.2

The true (logarithmic) stress–strain curves (Figure 5b) were further used for cali-
bration of the EVP-FFT model [30]. The yield behaviors are more clearly reflected in
Figure 5c,d, which plot the work-hardening rate (θ = ∂σ/∂ε) and work-hardening co-
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efficient (n = ∂lnσ/∂lnε), respectively. According to Hollomon’s equation [10,31], both
curves show a similar trend as reported in [32]: a sharp decrease occurs before ε ≈ 0.06,
corresponding to the transition from elastic to plastic regimes [33], followed by a relatively
stable stage until fracture. During the initial drop, θ and n values for Case 2 and Case 3
remain higher than those of Case 1, consistent with their higher yield strengths as listed
in Table 2.

To further understand the micromechanical origins of these trends, the EVP-FFT model
was applied to probe strain partitioning and stress triaxiality in the α/β, αm/α′, and fully
α′ microstructures (Section 4.2).

4.1.3. Fractographic Analyses

To examine fracture features under different cooling conditions, SEM fractographs
were captured, as shown in Figure 6. A clear distinction is observed between Case 1 and the
other two cases. In Case 1 (α/β, 1 ◦C/s), fracture surfaces lack obvious dimpled regions,
unlike Cases 2 and 3. However, Case 1 does not exhibit a typical brittle fracture, as no
transgranular or intergranular cleavage is visible. Instead, failure likely initiates by tearing
along weak β regions under compression, consistent with the inherently low strength but
high ductility of the β phase. In contrast, dimpled zones are clearly observed in Cases 2
and 3. Moreover, the dimples in Case 3 are larger and more elongated than those in Case
2, which indicates stronger plastic accommodation in the fully martensitic microstructure.
Such elongated dimples in Ti64 have also been reported under dynamic compression at a
strain rate of ~3900 s−1 using a split Hopkinson pressure bar, where they were associated
with severe plastic deformation inside adiabatic shear bands [34].

Figure 6. Fractographs of samples compressed under different cooling conditions: (a) Case 1 (1 ◦C/s,
α/β), (b) Case 2 (145 ◦C/s, αm/α′), and (c,d) Case 3 (7000 ◦C/s, fully α′).

It is well known that spherical dimples correspond to micro-voids that nucleate
cracks [35]. In Figure 6b,c, numerous micro-voids are visible at the intersections of dim-
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ples. In Case 3 (Figure 6d), elongated dimples coalesce and evolve into smeared surfaces
(indicated by red arrows), suggesting that the fully martensitic α′ structure can sustain
severe plastic deformation even after crack initiation. By contrast, in Case 2, the αm/α′

structure fails to accommodate further deformation once cracking begins, consistent with
compression testing results showing that Case 3 exhibits much higher compressive strain
to failure than Case 2.

4.2. Modeling the Crystal Plasticity of Different Phase Compositions
4.2.1. Reconstructed 3D Grain Structures

Figure 7 was generated using the MTEX toolbox in Matlab version 9.6 [22,36] based on
the morphological information listed in Table 1. The phase distributions of reconstructed
3D microstructures for the three cooling conditions are shown in Figure 7a–c. Specifically,
Figure 7a represents the lamellar α/β microstructure, where α plates nucleate preferentially
along prior-β boundaries (white lines) and extend into the β matrix. The inner α (blue
blocks in Figure 7a) and β (red blocks) form colonies of α/β lamellae following the Burgers
orientation relation (BOR) [22]. For simplicity, the competitive colony growth inside
individual grains was not considered in the Case 1 model.

Figure 7. Reconstructed 3D microstructures (643 domain size) with different phase compositions.
(a–c) phase maps, and (d–f) random orientation maps: (a,d) Case 1 (1 ◦C/s, α/β), (b,e) Case 2
(145 ◦C/s, αm/α′), and (c,f) Case 3 (7000 ◦C/s, primary/secondary α′).

Figure 7b shows the αm/α′ microstructure (Case 2). Here, αm plates (blue blocks)
are distributed mainly along prior-β boundaries (white lines) and occupy part of the
grains, while the remaining regions are filled with martensitic α′ (red blocks). Figure 7c
corresponds to the fully martensitic microstructure (Case 3). In this case, a small fraction of
long primary α′ (white lines) is assigned at prior-β boundaries, whereas the interiors of the
grains are occupied by dense secondary α′ laths (blue blocks).

It should be noted that crystallographic textures are not emphasized in the present
reconstruction; phases are therefore assigned random orientations, as illustrated in
Figure 7d–f. This approach approximates the chaotic distribution of needle-like martensite

236



Materials 2025, 18, 4572

observed experimentally in Figure 4c,d. To mimic this effect, prior-β grains were subdi-
vided into smaller zones that were filled with randomly oriented secondary α′ needles.

The crystallographic relationship between α and β laths is maintained through the
Burgers orientation relation (BOR), namely, (0001)α//{101}β and <11

_
20>α/<111>β [37].

This was verified by the symmetric rotation tool in TSL OIM Analysis. Figure 8 shows a
selected α/β lamellar region in the reconstructed 3D model and the corresponding pole
figures obtained after applying the appropriate rotation angles. The result confirms that
the reconstructed lamellae preserve the BOR relationship, specifically (0001)α//{101}β.

Figure 8. Four randomly selected examples (a–d) regarding pole-figure verification of the BOR relationship
in reconstructed α/β lamellae: (101)β plane aligned with (0001)α plane after simulated rotations.

4.2.2. Calibration of Simulation Compression Curves

Due to the lack of phase-specific elastic constants and hardening parameters measured
in compression, the literature values are primarily obtained from tensile tests [21,38] were
used as initial priors and then calibrated against the present compression experiments
(Figure 5b) for each microstructure. A working hypothesis adopted in the calibration
is τ0 of β 
 α′ < α as listed in Tables 3 and 4. This ordering is motivated by repeated
nanoindentation evidence showing that single-phase α′ is softer than single-phase α [10].
Although this may appear to contradict the popular notion that “α′ is harder than α.”
The possible reason is that the indentations of general hardness tests like Vikers hardness
tests are micro-scale and likely incorporate much α′ phase. Therefore, other factors like
dislocations and phase boundaries may contribute to an elevated hardness. Hence, for Case
3, a small τ0 is reasonably used for calibration. Otherwise, the strain-stress curve of pure
martensite is more likely to yield at a higher strain, shown in Figure 9 simulation-α′ (2). It
should be noted that the αm is regarded as the bulk α [2], where the very small amount of
β distributed in the bulk α is ignored therein, and the parameters of the bulk α phase are
calculated by considering the thickness [22].

Table 3. Calibrated elastic constants of β, α, and α′ phases for Ti-6Al-4V [21].

Elastic Constants (GPa) C11 C12 C13 C33 C44

β 114 90 90 114 181
α 123 100 69 145 30
α′ 120 100 67 125 30
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Table 4. Calibrated Voce hardening parameters for different slip systems [21,38].

Hardening Parameters (MPa) τ τ1 θ0 θ1

β 41.09 99.62 500 20
α (basal) 253.5 5.0 700 350

α (prismatic) 354.8 5.0 700 350
α (pyramidal) 879.2 5.0 700 350

α′ (basal) 216.7 5.0 750 340
α′ (prismatic) 296.9 5.0 750 340
α′ (pyramidal) 822.3 5.0 750 340

Figure 9. Experimental and EVP-FFT simulated compression stress–strain curves for samples with
different phase/microstructure combinations.

Figure 9 compares the computational and experimental stress–strain curves for the
three cases. The simulations reproduce both the elastic-to-plastic transition and the relative
work-hardening trends across α/β (Case 1), αm/α′ (Case 2), and fully α′ (Case 3). Fracture
is not modeled explicitly here due to the absence of a failure criterion; damage precursors
and stress-triaxiality analyses are deferred to Section 5.

4.2.3. Overall Compressive Strain Field

Because of the anisotropy of the HCP structure, three <11
_
20> (0001) basal, three

<11
_
20>{10

_
10} prismatic, six <11

_
20>{10

_
11} <α> pyramidal slip systems for the HCP phase

(α′/α phases) are considered in the crystal plasticity computation. It should be noted that
six <11

_
23>{10

_
11} <α+c> pyramidal slip systems are excluded because they are unlikely to

be activated [39]. At the same time, twelve <111> {110} slip systems for the BCC phase (β
phase) are integrated into this model. Twinning is not considered, as deformation twinning
in Ti-6Al-4V is rarely observed at ambient temperature and low strain rates [37,40,41].

Figure 10 shows the simulated 3D elastic and plastic responses after the compression
strain of 0.014 (elastic stage) and 0.067 (plastic stage), respectively. It can be observed that
the distribution of strain concentration varies in both inter- and intra-grains for different
cases. Some of the grains after compression exhibit a strong strain concentration, while
some exhibit limited strain concentration. In particular, some extremely high strain concen-
trations take place locally near the grain boundary, indicated by deep color. The inter- and
intra-phases also show a similar trend of strain concentration. However, the strain/stress
concentration varies from grain to grain and from phase to phase. Investigation of the plas-
tic behavior of different phases may provide significant insights as to how grain and phase
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interactions affect the micromechanics of slip systems, phase species, and morphologies.
Because grain and phase boundaries are often the locations where plastic deformation is
most pronounced. Moreover, since the reconstructed microstructure does not fully capture
the precise morphology and the model does not explicitly include dislocations, the analysis
does not account for the role of dislocations in plastic behavior. Instead, the stress and
strain concentration coupled with the aforementioned slip systems are used to describe the
role of different phases and morphologies on micro-mechanical responses.

Figure 10. Simulated 3D maps of elastic and plastic strain at true strains of 0.014 (a–c) and 0.067 (d–f),
respectively: (a,d) Case 1 (α/β), (b,e) Case 2 (αm/α′), and (c,f) Case 3 (primary/secondary α′).
Negative values correspond to compressive strain.

5. Discussion

In this work, Ti64 quenched from above the β-transus at an ultra-high cooling rate of
~7000 ◦C/s exhibits a concurrent improvement in ductility and strength. This observation
challenges the common perception of a strength–ductility trade-off, although several studies
have reported excellent performance for fully martensitic Ti64 [11,12] without a systematic
mechanistic analysis. Here, we discuss the phase-dependent micromechanics underlying
the different behaviors among α/β (Case 1), αm/α′ (Case 2), and fully α′ (Case 3), with
emphasis on why the fully martensitic structure obtained under AM-level cooling rate
attains enhanced ductility relative to α/β and αm/α′. These insights suggest a processing
paradigm for Ti alloys that achieves high strength and high ductility simultaneously.
Methodologically, instead of digital image correlation (DIC), we leverage the EVP-FFT
model built on 3D reconstructed microstructures to provide quantitative descriptions of
strain partitioning and stress triaxiality—two metrics that capture mechanical contrast
among phases and morphologies and link directly to ductile fracture propensity.

5.1. A Quantitative Understanding of the Yield Behaviors for Different Cases

From Table 1, the characteristic phase size in Case 2 is ~7× larger than in Case 1,
which would ordinarily reduce yield strength according to Hall–Petch scaling [42]. Yet
the measured yield stress increases by ~1.35× (Figure 5c,d), which is credited to two
possible reasons. One is that the β phase in Case 2 is nearly replaced by α′ and αm, both
of which are harder-slipping than β due to fewer easy systems and higher CRSS; this is
consistent with micro-/nano-scale hardness contrasts reported in [10]. Consequently, the
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initial yielding is elevated. Another possible reason is that Case 2 contains a far more
intricate network of grain/phase boundaries—especially the disordered distribution of α′

laths (Figure 4e)—than the predominantly lamellar α/β in Case 1. Molecular-dynamics
simulations have indicated that disordered grain-boundary structures can significantly
raise the yield stress by impeding dislocation motion [43].

For Case 3, the yield strength is slightly lower than Case 2 (with marginally lower
initial θ and n in Figure 5c,d), even though its martensitic laths are finer. This is consistent
with the phase effect: single-phase α′ is intrinsically softer than bulk α (αm) at the slip-
system level [10], so more systems are relatively easier to activate at yielding in Case 3. To
quantify these effects, we employed the EVP-FFT model to analyze strain accumulation
and partitioning at the yield points of all three cases.

Compared with DIC studies [10], the EVP-FFT approach provides field-resolved strain
maps at the yield point along the compression axis, enabling direct comparison of local
heterogeneity across phases. The color maps in Figure 11a–c show that microstructural
diversity leads to heterogeneous strain accumulation in all cases. In Case 1 (α/β), strain
partitions strongly between α and β (Figure 11d) [10], concentrating primarily in β be-
cause of its higher symmetry and much lower CRSS, with local values up to ~12.4× the
macroscopic yield strain—consistent with fracture surfaces torn along β lamellae. In Case 2
(αm/α′), localization occurs mainly in α′ (Figure 11e), but the peak is only ~1.5× the yield
strain, reflecting smaller CRSS contrasts between α and α′ than between α and β. In Case 3
(fully α′), strain is more uniformly distributed (Figure 11f), and the peak is ~1.2× the yield
strain, indicative of reduced partitioning in the refined α′ network.

Figure 11. The 2D strain maps sliced from 3D strain models at each yield point for different cases,
corresponding to the frequency of strain of each phase normalized by the average strain in the whole
domain at the yield point: (a,d) 0.029 for Case 1; (b,e) 0.039 for Case 2; (c,f) 0.037 for Case 3.

Overall, the presence of soft β dominates the pronounced strain partitioning and the
lowest yield strain in Case 1. Introducing α′ (Case 2) raises the yield level; switching to
fully α′ (Case 3) slightly reduces σcy0.2 relative to Case 2 due to α′’s lower CRSS than α,
despite finer lath size—consistent with the experimental trends.

5.2. Potential Mechanisms for the Marked Ductility Improvement in Fully Martensitic Structures
5.2.1. High-Angle Interfaces and Ductility

A high density of high-angle interfaces is a plausible contributor to the superior ductility
in Case 3. In this study, low-angle grain boundaries (LAGBs) are defined as boundaries with
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misorientation angles between 2◦ and 15◦, while high-angle grain boundaries (HAGBs) are
defined as those with misorientation angles between 15◦ and 90◦ [44]. EBSD misorientation
statistics (Figure 12) indicate that increasing the cooling rate raises the fraction of HAGBs: in
Case 1, over half of the boundaries are low-angle, whereas in Case 3 ≈70% of boundaries
exhibit misorientation even >30%◦. Such a population of HAGBs can promote boundary-
mediated accommodation—e.g., dislocation absorption and deflection, impeded slip transfer,
and crack-tip blunting—thus delaying localization and enhancing macroscopic ductility [5,44].

Figure 12. EBSD misorientation distributions: (a) Case 1 (α/β), (b) Case 2 (αm/α′), (c) Case 3 (α′).

Additionally, the ultrafine α′ lath network in Case 3 offers a very high density of internal
interfaces. Micro-cracks propagating along one α′ lath are likely to be deflected or arrested
upon encountering another lath with a large misorientation (schematized in Figure 13), delay-
ing crack advance until larger global strains are attained. This interpretation is consistent with
our EVP-FFT results that show a narrower strain distribution spread in Case 3 (Figure 11c,f)
and with the fractography, where Case 3 exhibits longer wedge-like dimples than Case 2
(Figure 6d vs. Figure 6b). Based on our 3D reconstructions, the interfacial area density in Case
3 is estimated to be several-fold higher (on the order of ~6–10×) than in Cases 1–2, which
aligns with the observed enhancement in boundary-mediated plastic accommodation [45,46].

Figure 13. Schematic of boundary effects on crack propagation: (a) high-angle misorientation
facilitating deflection/blunting; (b) low-angle misorientation providing easier crack paths.
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5.2.2. Stress Triaxiality Factor

One useful approach to evaluate the stress state during plastic deformation is to
track the stress triaxiality factor (TF or η), defined as the ratio of local mean stress (hy-
drostatic, σm) and local equivalent stress (von Mises or effective stress, σvm) [47,48]. In
tensile tests, it is well documented that increased stress triaxiality reduces ductility. Han-
cock and Mackenzie [49], for example, demonstrated that the ductility of high-strength
steels strongly depends on stress state, characterized by σm/σvm, which is also consistent
with McClintock’s model of ductile failure. Negative values of stress triaxiality indicate
compressive stress states [50]. In this study, stress triaxiality was calculated at the fracture
point to evaluate potential failure initiation, using EVP-FFT simulations that provide the
full stress tensor at every Fourier grid point.

The evolution of average TF as a function of true strain up to fracture is shown in
Figure 14a. In Case 1, |TF| first increases and then decreases to ~0.35 at fracture. By
contrast, Cases 2 and 3 exhibit the opposite trend, with lower |TF| values throughout.
At the fracture point, TF is ~0.26 in Cases 2 and 3, indicating that these microstructures
experience less severe stress states and therefore resist fracture initiation more effectively
than Case 1. The higher |TF| in Case 1 can be attributed to the presence of the soft β phase,
which promotes extreme local stress concentrations.

Figure 14. (a) The average σm/σvm variation against true strain and σm/σvm distributions for different
cases: (b) Case 1, (c) Case 2, and (d) Case 3.

The TF distributions at the fracture point (Figure 14b–d) further illustrate this phase
dependence. In Case 1, the β lamellae show the largest |TF|, identifying them as the
weakest links, consistent with the fractographic evidence (Figure 6a) where cracks prop-
agate along β. Case 2 shows a similar trend, but with a smaller contrast between α and
α′. In contrast, Case 3 exhibits the lowest TF values and the most uniform distribution
during compression, correlating with its superior ductility and higher compressive strain
to failure.

6. Conclusions

In this study, we demonstrated that Ti-6Al-4V quenched from above the β-transus
at an extremely high cooling rate (~7000 ◦C/s) forms a fully martensitic microstructure
that simultaneously achieves enhanced strength and ductility compared with α/β and
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αm/α′ microstructures obtained at slower cooling rates. Compression testing confirmed
that the fully α′ samples exhibit not only higher ultimate compressive strength and larger
strain to failure, but also stronger work-hardening, lower stress-triaxiality magnitude,
and fracture surfaces dominated by elongated dimples. By contrast, the α/β and αm/α′

conditions display obvious strain partitioning and stress-triaxiality partitioning, as captured
quantitatively by EVP-FFT simulations.

Yield behavior was found to depend strongly on phase constitution. The presence of
coarse α lamellae and the soft β phase in the α/β microstructure explains its lowest yield
strength. With increasing cooling rate, the introduction of α′ significantly raises the yield
strength in the αm/α′ condition, since β is largely replaced by harder phases. Although the
fully martensitic case has the finest lath size, its yield strength is slightly lower than Case
2, because single-phase α′ has a lower CRSS than α. Nevertheless, the fully α′ structure
provides the most favorable combination of strength and ductility.

Two microstructural factors appear to be central to the superior ductility of the marten-
sitic Ti64. First, the high fraction of high-angle grain/phase boundaries—about 70% of
boundaries with misorientation > 30◦ in Case 3—promotes boundary sliding and plastic
accommodation. Second, the ultrafine α′ lath network produces a very high density of
interfaces, which helps deflect and blunt cracks, thereby delaying propagation. These mech-
anisms, together with possible contributions from dislocation structures formed under
rapid cooling, underpin the observed ductility enhancement.

Overall, this work highlights that controlling the cooling rate provides an effective
pathway to tailor the phase constitution and interface architecture of titanium alloys. Fully
martensitic Ti-6Al-4V produced by ultra-fast cooling challenges the conventional strength–
ductility trade-off and offers a new paradigm for designing structural alloys that combine
high strength with high ductility.
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