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Preface to ”Silicon-Based Nanomaterials: 
Technology and Applications”

Silicon has been proven to be remarkably resilient as a commercial electronic material. 
The microelectronics industry has harnessed nanotechnology to continually push the performance 
limits of silicon devices and integrated circuits. Rather than shrinking its market share, silicon 
is displacing “competitor” semiconductors in domains such as high-frequency electronics and 
integrated photonics. There are strong business drivers underlying these trends; however, 
an important contribution is also being made by research groups worldwide, who are developing new 
configurations, designs, and applications of silicon-based nanoscale and nanostructured materials. 
This Special Issue features a selection of papers which illustrate recent advances in the preparation of 
chemically or physically engineered silicon-based nanostructures and their application in electronic, 
photonic, and mechanical systems.

Robert W. Kelsall

Special Issue Editor
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Abstract: Group-IV semiconductors, which provide the leading materials platform of micro-
electronics, are generally unsuitable for light emitting device applications because of their indirect-
bandgap nature. This property currently limits the large-scale integration of electronic and photonic
functionalities on Si chips. The introduction of tensile strain in Ge, which has the effect of lowering
the direct conduction-band minimum relative to the indirect valleys, is a promising approach to
address this challenge. Here we review recent work focused on the basic science and technology of
mechanically stressed Ge nanomembranes, i.e., single-crystal sheets with thicknesses of a few tens of
nanometers, which can sustain particularly large strain levels before the onset of plastic deformation.
These nanomaterials have been employed to demonstrate large strain-enhanced photoluminescence,
population inversion under optical pumping, and the formation of direct-bandgap Ge. Furthermore,
Si-based photonic-crystal cavities have been developed that can be combined with these Ge
nanomembranes without limiting their mechanical flexibility. These results highlight the potential of
strained Ge as a CMOS-compatible laser material, and more in general the promise of nanomembrane
strain engineering for novel device technologies.

Keywords: nanomembranes; optical gain media; group-IV semiconductors; strain engineering

1. Introduction

The development of group-IV semiconductor lasers that can be integrated within complex
microelectronic systems with a CMOS-compatible process is a major goal of current research in
optoelectronics. The key underlying challenge is the indirect-bandgap nature of the leading materials
of Si-based microelectronics (i.e., Si, Ge, and their alloy SiGe), which results in extremely low
light-emission efficiencies. The use of Ge as the laser active material is particularly compelling because
of the relatively small difference (~0.14 eV) between its direct and fundamental-indirect bandgap
energies. Ge is also more generally the subject of extensive renewed research interest [1]. Its large
mobility of both electrons and holes is especially attractive in CMOS microelectronics, although
challenges still exist related to the choice of gate dielectric and n doping [2]. In optoelectronics,
near-infrared Ge photodetectors are already well-established [3].

A promising approach that is currently being pursued to overcome the indirect-bandgap nature of
Ge for application to light emitting devices is based on strain engineering. Extensive theoretical work
has shown that the introduction of tensile strain (larger than about 4% uniaxial or 1.9% biaxial for the
standard (001) crystal orientation) has the effect of converting Ge into a direct-bandgap semiconductor
capable of providing optical gain [4–11]. At the same time, the direct-bandgap energy of Ge under
tensile strain is also red-shifted into the short-wave mid-infrared spectral region beyond 2 μm, where
a wide range of biochemical sensing applications exists that could benefit strongly from an integrated
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lab-on-a-chip device platform. In passing, we note that the incorporation of Sn in Ge produces an effect
similar to that of biaxial tensile strain (i.e., a decrease in the direct conduction-band minimum relative
to the indirect valleys, and an overall red-shift in bandgap energy). While the growth of high-quality
GeSn films remains quite challenging due to phase separation issues, recent progress has led to the
demonstration of optically pumped lasing at cryogenic temperatures [12].

In semiconductor micro- and optoelectronics, strain is traditionally introduced by hetero-
epitaxy, i.e., through the growth of sufficiently thin layers of the desired materials on a suitably
lattice-mismatched template. In the case of Ge on Si, however, this approach is impractical given
the exceedingly large mismatch of about 4.2% between the Si and Ge equilibrium lattice constants,
which essentially precludes pseudomorphic growth (and would in any case produce compressively
rather than tensilely strained Ge). While tensilely strained Ge can be grown on III-V semiconductor
templates such as InGaAs [13,14], the main driver for the development of strained-Ge laser materials is
their direct compatibility with Si substrates. As a result, novel straining techniques have been widely
investigated in the past few years [15–30], involving mechanically stressed Ge nanostructures mostly
derived from Ge-on-insulator (GOI) wafers—i.e., Si substrates coated with a buried oxide layer (BOX)
underneath a thin Ge film.

In this context, the use of Ge nanomembranes (NMs) has proved to be particularly appealing as
a means to studying the basic structural and optical properties of Ge under large biaxial tensile strain.
Semiconductor NMs in general are single-crystal films with lateral dimensions in the μm- or mm-scale
and thicknesses as small as several tens of nm, which are typically released from their native substrate
via the selective etch of an underlying sacrificial layer. By virtue of their crystalline nature and unusual
aspect ratios, these films can combine the exceptional electronic and optical properties of inorganic
semiconductors with the extreme mechanical flexibility of soft polymeric materials. As a result, they
are promising for a wide range of applications in flexible electronics and optoelectronics, as well as for
fundamental studies in strain engineering [31].

This article reviews recent work on mechanically stressed Ge NMs aimed at investigating their
basic optical properties and demonstrating the suitability of tensilely strained Ge as a Si-compatible
laser gain medium [17,20,22,23,28]. The electronic band structure and calculated optical gain spectra of
strained Ge are described in Section 2. In Section 3, we briefly review various straining techniques that
have been applied to Ge nanostructures, with emphasis on the use of NMs to obtain wide-area biaxial
tensile strain. Section 4 is focused on our experimental work based on the latter approach, including the
demonstration of strain-enhanced photoluminescence, population inversion under optical pumping,
and the formation of direct-bandgap Ge. Finally, in Section 5, we describe recent efforts aimed at the
development of mechanically flexible optical cavities that can be integrated with NM active layers
without limiting their mechanical flexibility.

2. Electronic and Optical Properties of Strained Ge

Unstrained Ge is an indirect-bandgap semiconductor, where the absolute minimum of the
conduction band and the maxima of the valence bands occur, respectively, at the L and Γ points
of reciprocal space (Figure 1a). At the same time, the conduction band also features a local minimum
at Γ. The introduction of tensile strain in this material has the effect of lowering all conduction-band
minima, but at different rates, with the Γ minimum decreasing more rapidly with increasing strain
compared to the L valleys. When the strain exceeds about 1.9% (biaxial), the Γ and L minima cross
over and Ge becomes a direct-bandgap semiconductor (Figure 1b). At the same time, the degeneracy
of the valence bands at the Γ point is also lifted, with the light-hole (LH) band pushed up in energy
relative to the heavy-hole (HH) one. The resulting variations in bandgap energies between all the
conduction- and valence-band edges just discussed, as computed by deformation-potential theory [32],
are plotted in Figure 1c.
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Figure 1. Strain-induced modifications of the Ge band structure. (a) Schematic band structure of
unstrained Ge; (b) Schematic band structure of Ge under 1.9% biaxial tensile strain Reproduced with
permission from [23]. American Chemical Society, 2014; (c) Solid lines: calculated bandgap energies
between the Γ or L conduction-band minima and the HH or LH valence-band maxima of Ge as
a function of biaxial strain. Symbols: peak emission energies extrapolated from the strain-resolved
luminescence spectra shown in Figure 4a below. Reproduced with permission from [17]. National
Academy of Sciences, 2011.

When the direct conduction-band minimum lies below (or at least sufficiently close to) the L
valleys, a population inversion at the Γ point can be established under practical pumping conditions.
Extensive numerical simulations based on standard models of interband optical transitions in
semiconductors [32] indicate that the resulting optical-gain values are adequate for laser operation [20].
Figure 2a shows representative gain spectra of strained Ge(001) due to conduction-to-LH (cΓ-LH) and
conduction-to-HH (cΓ-HH) transitions, for both TE and TM polarized light (i.e., with electric field
parallel and perpendicular to the plane of the biaxial strain, respectively). As shown in these plots,
optical gain is only produced by the cΓ-LH transitions, which is a consequence of the aforementioned
lifting of the valence-band degeneracy under tensile strain, which pushes the LH band above the HH
one. As a result, in the presence of external carrier injection, the hole population in tensilely strained
Ge mostly resides in the LH band. Due to the well-established polarization selection rules of interband
transitions in semiconductors [32], the oscillator strength of cΓ-LH transitions is significantly larger for
TM-polarized light, as also observed in Figure 2a.

Figure 2. Optical gain properties of tensilely strained Ge. (a) Calculated TE and TM optical-gain
spectra due to cΓ-LH and cΓ-HH transitions in Ge under 1.78-% biaxial tensile strain, in the presence of
a density of injected carriers of 3.9 × 1018 cm−3. These values of strain and carrier density correspond
to the experimental data shown in Figure 4b below. Reproduced with permission from [20]. John Wiley
and Sons, 2012; (b) Peak gain coefficient of undoped Ge (including the effect of free-carrier absorption)
plotted as a function of injected carrier density for different strain values. Reproduced with permission
from [28]. AIP Publishing LLC, 2016.
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The peak gain coefficient gp increases with both carrier density and tensile strain, as illustrated in
Figure 2b [28]. To evaluate the full impact of increasing the carrier density N in tensilely strained Ge,
this figure shows the net gain gp-αFCA, where the free-carrier absorption coefficient αFCA also increases
(linearly) with N. For the NM cavity geometry described in Section 5 below, the threshold gain required
for lasing is estimated to be a few 100 cm−1 (if all relevant loss mechanisms are properly minimized).
The simulation results of Figure 2b therefore indicate that such a threshold can be reached for strain
values larger than about 1.6% biaxial. The larger the strain, the smaller the required density of injected
carriers, as expected based on the corresponding decrease in direct versus indirect bandgap energy.

3. Ge-Nanostructure Straining Techniques

The Ge NMs used in the work reviewed below are fabricated by releasing the Ge template layer
of a commercial GOI wafer [33]. Specifically, the membrane boundaries and etchant access holes are
first patterned in this Ge layer using photolithography and reactive ion etching. Next, the underlying
BOX layer is completely removed with a wet etch in a hydrofluoric-acid solution. The released Ge
NMs are then bonded onto flexible films of polyimide (PI) using a wet transfer procedure. For the
strain-dependent measurements described below, the PI films with the attached NMs are integrated
in a metallic chamber which is then pressurized with a controlled gas inflow. In this configuration,
the NM effectively sits on the surface of an expanding sphere, so that the resulting strain is fully biaxial.
A schematic illustration of the experimental setup (with an optical micrograph of a NM bonded onto
a PI film) and a photograph of the pressure cell are shown in Figure 3a,b, respectively.

Figure 3. Mechanically stressed Ge NMs. (a) Schematic illustration of the experimental setup used
to introduce biaxial tensile strain in Ge NMs. A top-view optical micrograph of a NM bonded onto
a PI film is also shown. The periodic black dots are etchant access holes, used to facilitate the Ge NM
release from its GOI substrate. Reproduced with permission from [23]. American Chemical Society,
2014; (b) Photograph of the sample mount under an applied gas pressure of 520 kPa. The Ge NM
(here containing an overlaying pillar array, as described in Section 2 below) is visible near the center
of the PI film. Reproduced with permission from [28]. AIP Publishing LLC, 2016; (c) Strain/stress
curves measured by Raman spectroscopy on Ge NMs with three different thicknesses. Reproduced
with permission from [17]. National Academy of Sciences, 2011.

The key property of NMs that allows them to reach particularly large strain levels before the
onset of plastic deformation is provided by their nanoscale thicknesses. This idea is confirmed and
quantified by the Raman measurement results of Figure 3c [17], where the strain introduced in the Ge
lattice with the setup of Figure 3a,b is measured as a function of applied gas pressure for three different
NM thicknesses. In all three samples, the strain initially increases linearly with applied stress, and then
begins to saturate because of the formation of cracks that allow for local strain relaxation in their
immediate vicinity. Importantly, the thinner the NM, the larger the strain threshold for the formation
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of such cracks. In particular, for the smallest NM thickness considered in these measurements (24 nm),
a nearly linear strain/stress relation is observed up to a maximum strain value of over 2% (averaged
over several random sites on the NM), where Ge is expected to feature a direct fundamental bandgap.

The straining procedure just described is particularly convenient for the purpose of material
characterization studies, as it produces large, uniform, and dynamically tunable strain across
macroscopic sample areas. Therefore, it provides an ideal platform to study the optical properties
of strained Ge reviewed in this article. For practical applications, similar results can in principle be
obtained with integrated NM devices on Si chips using MEMS technology [8], piezoelectrics [34],
or microfluidics [35,36].

A wide range of other straining techniques has also been investigated. In some of the earliest
work in this area, tensile strain has been introduced in plastically relaxed Ge films grown on Si
by taking advantage of the different thermal expansion coefficients of Si and Ge with an annealing
process [37]. While the resulting strain is quite small (less than about 0.3%), this approach has been used
in conjunction with degenerate n-type doping (to populate the Γ valley) to demonstrate electrically
pumped Ge lasers [38]. To date, however, the performance of these devices remains quite limited,
likely due to the excessive free-carrier absorption and Auger recombination losses caused by the
degenerate doping.

More recently, significant research efforts have also focused on the use of stressor layers with
different types of Ge nanostructures [18,19,21,24–27,29,30]. Typically, these layers consist of material
deposited under large compressive strain, which is then allowed to relax partially via elastic strain
sharing with an attached partially suspended Ge film. As a result, tensile strain is introduced in the Ge
film. Specific stressor materials that have been employed for this purpose include Si3N4 [18,25,27,29]
and tungsten [19], deposited on a suitably patterned Ge film. Another approach is based on the small
(~0.2–0.3%) tensile strain that exists in Ge films grown on Si (after the aforementioned annealing
process) or in the Ge template layers of typical GOI substrates. If constricted structures (e.g., in
the shape of suspended microbridges) are then patterned in this Ge layer, their local strain can be
significantly amplified compared to the surrounding regions, because stress is inversely proportional
to cross-sectional area. With this approach, uniaxial and biaxial strain values up to 3.1% [21] and
1.9% [26], respectively, have been measured in micron-scale regions.

These techniques based on built-in stress are directly compatible with on-chip integration,
and device applications are already being explored. In [27], high Q-factor Ge microdisk cavities
(combining a Si3N4 stressor layer with circular Bragg reflectors) have been developed, leading to the
observation of line narrowing under optical pumping. A similar microdisk geometry (but without the
Bragg reflectors) has also been reported with GeSn [29] as a way to combine the beneficial effects of
both tensile strain and Sn incorporation. Finally, an optically pumped laser operating at cryogenic
temperatures has also been demonstrated recently [30], based on the suspended-microbridge geometry
just described combined with a pair of distributed Bragg mirrors.

4. Strained-Enhanced Light Emission from Mechanically Stressed Ge Nanomembranes

The light-emission properties of mechanically stressed Ge(001) NMs are illustrated by the
photoluminescence (PL) data shown in Figure 4 [17,20]. As the applied biaxial tensile strain is
increased, the NM emission spectrum is strongly enhanced and simultaneously red-shifted (Figure 4a).
This behavior is of course consistent with the corresponding decrease in the Ge direct-bandgap energy
relative to the indirect one, which causes a larger and larger fraction of the injected electrons to relax
near the Γ minimum of the conduction band. The measured luminescence spectra can be fitted with
multiple Gaussian peaks, corresponding to electronic transitions from the direct and indirect minima
of the conduction band to the maxima of the strain-split LH and HH valence bands. The emission
photon energies extrapolated with this procedure are in good agreement with the calculated bandgap
energies of the same transitions, as illustrated in Figure 1c, where the symbols were obtained from the
spectra of Figure 4a.
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Figure 4. Strain-enhanced light emission from Ge NMs. (a) Room-temperature PL spectra of
a 40-nm-thick undoped Ge NM at different levels of biaxial tensile strain; (b) Symbols: PL spectrum
of the NM of (a) (normalized to the spectral response of the measurement setup) at a strain of 1.78%.
Green lines: Gaussian fits showing the cΓ-HH and cΓ-LH contributions (dashed) and their sum (solid).
Red line: calculated spontaneous emission spectrum. Inset: schematic band diagram of Ge at a strain
of 1.78%, and estimated positions of the quasi-Fermi levels relative to the band edges in the presence of
the PL pump pulses; (c) Room-temperature PL spectra of a 24-nm-thick undoped Ge NM at different
levels of biaxial tensile strain. The vertical axes in (a,c) are in arbitrary units, and the different spectra
are shifted vertically relative to one another for the sake of illustration clarity. The PL pump light in
these measurements was provided by an optical parametric oscillator with 5-ns pulse width, 20-Hz
repetition rate, 960-nm wavelength, and 3-mW average power. Reproduced with permission from [17].
National Academy of Sciences, 2011.

The same data analysis also indicates that the measured emission spectra of mechanically stressed
Ge NMs are dominated by transitions involving HHs, even though under tensile strain the LH band
resides at higher energy, and therefore has a higher hole population, compared to the HH band
(Figure 1b). This behavior is a result of the aforementioned polarization selection rules: electronic
transitions into the LH valence band mostly generate TM-polarized photons that propagate on the
plane of the NM and thus cannot be detected in standard surface-emission PL measurements. For the
same reason, the full increase in radiative efficiency produced by the applied strain cannot be fully
quantified based on these measurement results.

The luminescence spectra measured at high strain also provide evidence of population inversion
in the Ge NMs. The key observation in this respect is the ability to resolve in the high-strain emission
spectra two separate peaks due to transitions into both LH and HH valence bands near the Γ point
(Figure 4b). The relative height of these two peaks depends uniquely on the density of holes injected
into the NM under optical pumping. This parameter can therefore be extrapolated by fitting the
emission spectra with a standard model of light emission in (strained) semiconductors [32], and then
compared to the transparency carrier density of the same NM evaluated with the same model. With
this analysis, we find that when the applied strain is above ~1.4% [20], a population inversion is
established in the NMs under study.

Finally, Figure 4c shows the strain-resolved PL spectra of the thinnest (24 nm) NM measured
in this work. The luminescence intensity of this sample is relatively weak, because of the reduced
pump-light absorption and increased nonradiative surface recombination in ultrathin NMs. At the
same time, however, the applied strain can be increased to over 2% (where Ge is expected to become
a direct-bandgap semiconductor), before the onset of extended-defect formation indicated by the
saturation in the strain/stress curve. The emission spectrum measured with this sample at 2% biaxial
strain is consistent with the calculated cΓ-HH transition energy in the direct-bandgap regime. Therefore,
the results of Figure 4c in conjunction with the Raman data of Figure 3c indicate the formation of
direct-bandgap Ge in this NM.
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5. Flexible Nanomembrane Optical Cavities

The theoretical and experimental results reviewed in the previous sections substantiate the
suitability of mechanically stressed Ge NMs for laser applications. An important challenge in the
development of these devices is related to the nanoscale thickness of the NMs, which is too small to
provide by itself the required in-plane waveguiding of the (TM-polarized) emitted light. As a result,
additional guiding layers must be added to the NMs, without at the same time compromising the
NM mechanical flexibility (which is essential to enable gain through straining). This challenge has
been addressed with the device geometry shown schematically in Figure 5a, where a periodic array
of dielectric columns is deposited on the NM on PI [22,28]. These arrays can be made thick enough
and with sufficiently large average refractive index to act as the core guiding layers. At the same
time, if their periodicity matches the emission wavelength, they can also provide vertical outcoupling
and in-plane optical feedback of the emitted light, by first and second-order diffraction, respectively.
Finally, by virtue of their disconnected geometry, the same arrays will not limit the maximum strain
that can be introduced in the underlying NM (at least in the regions between neighboring pillars).

Figure 5. Flexible photonic-crystal cavities for tensilely strained Ge NMs. (a) Schematic device cross
section; (b) SEM image of a Si-pillar array before transfer onto a Ge NM on PI. The scale bar is 500 nm;
(c,d) Strain-resolved room-temperature PL spectra measured on two Ge(001) samples with different
column periods a and diameters D: (c) a = 1060 nm, D = 850 nm; (d) a = 1340 nm, D = 950 nm. Inset of (d):
zoom-in of the features within the black ellipse, showing strain tuning of the cavity modes. The arrow
in each plot indicates the calculated photon energy of the main TM-polarized cavity resonance. (b–d):
Reproduced with permission from [28]. AIP Publishing LLC, 2016.

In recent work, the device geometry just described has been implemented with a novel fabrication
process based on direct NM assembly [28]. In this process, an array of Si columns embedded in a PI
film is patterned in the template layer of a commercial Si-on-insulator (SOI) wafer, released from its
native substrate with a selective wet etch of the SOI BOX layer, and then transferred onto a previously
prepared Ge NM on PI. The resulting pillars have extremely smooth sidewalls (Figure 5b) and therefore
can be expected to provide minimal optical-scattering losses. Furthermore, because they are based on
single-crystal Si, they also feature negligible absorption losses at the strained-Ge emission wavelength.

A large increase and red shift in PL emission with increasing strain is once again observed with
these devices, indicating a similar degree of mechanical flexibility as in the bare Ge NMs described
above. Representative results are shown in Figure 5c,d for two 50-nm-thick Ge NMs coated with
arrays of different periods. In fact, a significantly larger enhancement in PL efficiency is obtained with
these devices (up to 12× in Figure 5d) compared to bare NMs, due to the efficient vertical outcoupling
of the TM-polarized emission produced by the column array. Furthermore, a complex pattern of
relatively narrow features is observed in the PL spectra of Figure 5, associated with different modes
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of the photonic-crystal cavity provided by the pillars. The spectral positions of these features are in
good agreement with numerical simulations of the photonic-crystal band structures [28], and can be
tuned by varying the array period and the applied strain (inset of Figure 5d). Altogether, these results
therefore demonstrate that ultrathin NM active layers can be effectively coupled to an optical cavity
while still fully preserving their mechanical flexibility.

6. Conclusions

This article has reviewed recent work, spanning approximately eight years, on mechanically
stressed Ge NMs, aimed at the investigation of their ability to sustain large amounts of tensile strain
and correspondingly provide enhanced light emission efficiency and optical gain for laser applications.
Because of their extreme aspect ratios, these films can be strained beyond the threshold for the
formation of direct-bandgap Ge. Numerical simulations indicate that the resulting optical-gain
properties are comparable to those of traditional III-V semiconductor laser materials. The expected
increase in luminescence efficiency with increasing strain has been measured with NMs of different
thicknesses, together with a large red shift of the emission spectra towards the short-wave mid-infrared
region. The same experimental results also reveal the presence of population inversion under
optical pumping in NMs strained above ~1.4%. Finally, photonic-crystal cavities fully compatible
with the flexibility requirements of these NM active layers have been developed, based on a novel
membrane-assembly process.

These results in general highlight the potential of strained Ge as a CMOS-compatible laser
material. Furthermore, they are promising for the future development of mechanically stressed Ge
NM lasers, which could then be integrated on Si chips using MEMS or related technologies. The key
remaining challenge is likely related to minimizing the optical losses in the cavity devices of Figure 5,
which have not yet shown evidence of spectral narrowing of the emission peaks with increasing
pumping and/or strain. In particular, an important loss mechanism appears to be scattering by defects
in the NM originating from the GOI template layer, whose structural quality is therefore of critical
importance for future progress in this research. In fact, such defects also tend to act as crack initiation
sites under mechanical stress, so that their minimization would also allow increasing the maximum
achievable strain.
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Abstract: Nowadays, the use of plasmonic metal layers to improve the photonic emission
characteristics of several semiconductor quantum dots is a booming tool. In this work, we report
the use of silicon quantum dots (SiQDs) embedded in a silicon nitride thin film coupled with an
ultra-thin gold film (AuNPs) to fabricate light emitting devices. We used the remote plasma enhanced
chemical vapor deposition technique (RPECVD) in order to grow two types of silicon nitride thin
films. One with an almost stoichiometric composition, acting as non-radiative spacer; the other one,
with a silicon excess in its chemical composition, which causes the formation of silicon quantum
dots imbibed in the silicon nitride thin film. The ultra-thin gold film was deposited by the direct
current (DC)-sputtering technique, and an aluminum doped zinc oxide thin film (AZO) which was
deposited by means of ultrasonic spray pyrolysis, plays the role of the ohmic metal-like electrode.
We found that there is a maximum electroluminescence (EL) enhancement when the appropriate
AuNPs-spacer-SiQDs configuration is used. This EL is achieved at a moderate turn-on voltage of 11 V,
and the EL enhancement is around four times bigger than the photoluminescence (PL) enhancement
of the same AuNPs-spacer-SiQDs configuration. From our experimental results, we surmise that EL
enhancement may indeed be due to a plasmonic coupling. This kind of silicon-based LEDs has the
potential for technology transfer.

Keywords: silicon quantum dots; localized surface plasmon resonances; light emitting devices;
gold nanoparticles; electroluminescence enhancement

1. Introduction

Since the first reports of luminescence and electroluminescence, originated by quantum size
effects, from highly confined silicon materials (superlattices, quantum dots, and quantum wires) [1–3],
there has been a growing interest in the development of monolithic silicon photonics as the optical
analogue of silicon microelectronics [4–7]. In order to meet this goal, arduous work has been done over
the years to fabricate light emitters and electroluminescent devices based mainly on crystalline and
amorphous silicon quantum dots (SiQDs) embedded in silicon nitride and silicon dioxide films, and to
tune the photoluminescence by controlling the size and the surface passivation of the SiQDs [8–13].
However, the silicon photonics have evolved slowly, mainly because the illumination efficiency from
confined silicon is still very low compared with that of the direct-band gap III–V semiconductors [7].

Nanomaterials 2018, 8, 182; doi:10.3390/nano8040182 www.mdpi.com/journal/nanomaterials11
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With the purpose of increasing the efficiency and controlling the light emission from SiQDs,
several research groups have used different configurations of noble metals (Au, Ag) nanoparticles and
nanostructures in the vicinity of silicon quantum dots. One of the first pioneer works, reported local
field-enhanced light emission from silicon nanocrystals implanted in quartz close to a surface film of
nanoporous gold, prepared by wet chemical methods [14]. In other posterior works, authors have
reported enhanced luminescence from SiQDs implanted in quartz and coupled to Ag island arrays
fabricated by electron beam lithography or by subsequent implantation. Those enhancements are
reported at emission frequencies that correspond to the collective dipole plasmon resonances [15–18].
In this regard, we recently reported photoluminescence (PL) enhancement from thin films of SiQDs
embedded in silicon nitride coupled to a monolayer of Au nanoparticles which are separated by a
nanometric dielectric silicon nitride thin film [19]. In that article, the films were deposited using
dry and low-temperature techniques highly compatible with the pre-existing silicon microelectronics
technology, such as remote plasma enhanced chemical vapor deposition (RPECVD) and direct current
(DC) sputtering.

A shared feature in the coupled structures reported in all these previous works is that all of them
have a spacer between the metal and the SiQDs. In turn, the spacer must be a dielectric, and must
have a well-defined thickness ranging from 10 to 20 nm; when these two last conditions are not met,
then the metal-spacer-SiQDs structure, far from improving its PL, decreases it [17]. All these works
also shared the proposal that the PL enhancement was due to effects of localized surface plasmon
resonance (LSPR) [16–18,20]. Therefore, they have motivated the development of other plasmonic
coupled systems with enhanced PL, such as core-shell-type SiQDs-based nanocomposites consisting of
a Au nanoparticle (NP) core and a thick shell of SiQDs agglomerates [21], a structure where SiQDs are
placed in a gap between a gold thin film and an Au nanoparticle [22]. Or finally, a structure composed
of a monolayer of luminescent SiQDs and a silver (Ag) film over nanosphere (AgFON) plasmonic
structure, separated with a polymer spacer [23].

The same approach of coupling SiQDs to localized surface plasmons (LSP) has also been
applied to enhance the electroluminescence of electroluminescent devices based on SiQDs embedded
in silicon-rich silicon nitride (SiNx(SiQDs)) films deposited by plasma enhanced chemical vapor
deposition (PECVD) [24–26]. In these works, the enhancement of the electroluminescence by LSP was
investigated in two different types of light emitting devices and/or diodes (LEDs) with layered structures,
such as ITO-Ni-Au(transparent electrode)/SiNx(SiQDs)/Ag islands/p/p+-Si(substrate)/Ni-Au(back
electrode) [24], ITO/SiO2/SiNx(SiQDs)/Ag islands/p/p+-Si/Al [25,26]. In both types of layered LEDs,
the large enhancement of the electroluminescence (EL) (up to 434% relative to SiQD LED without
an Ag layer) was attributed to the Ag island layer, which gives rise to an increase in the radiative
efficiency as a result of SiQDs-LSP coupling. Additionally, it was also observed, an increase in the
current injection efficiency through improved carrier tunneling between the rough surface of the Ag
layer and the SiQDs. It is also worth mentioning that in the case of the second type of layered LEDs,
the effect of the SiO2 layer was not discussed.

An interesting work that questions the mechanisms of the enhancement of the spontaneous
emission rate due to the LSP coupling between the SiQDs excitons and the Ag island layer, is the
one authored by Baek Kim and collaborators. There, they report an enhancement of 493% in the
EL of a LED with a layered structure NiO-Ni-Au(transparent electrode)/SiNx(SiQDs)/rough p+-Si,
which do not contain any Ag layer, but instead, it was fabricated on a nano-roughened Si substrate [27].
In a recent work, novel electroluminescent structures were fabricated using SiQDs/SiO2 multilayers
fabricated by PECVD on a Pt nanoparticle—sputtering-coated Si nanopillar array substrate, with ITO
as the transparent electrode. The electroluminescence enhancement observed in these EL structures
was attributed to both, the possible resonance coupling between the localized surface plasmon (LSP) of
Pt NPs, and the band-gap emission of SiQDs/SiO2 multilayers, and the surface roughening originated
by the nanopillar array [28].
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In this work, we have investigated the electroluminescence of four different configurations of
metal insulator semiconductor (MIS)-type nano-layered structures using SiQDs embedded in silicon
nitride luminescent films and dielectric silicon nitride (as spacer), both deposited by remote PECVD
(RPECVD), and gold nanoparticles (AuNPs) deposited by sputtering on p-type silicon substrate.
We found that there is a maximum EL enhancement when the appropriate AuNPs-spacer-SiQDs
configuration is used. Furthermore, it was identified that the EL enhancement is around four times
bigger than the PL enhancement previously observed in an identical nano-layered configuration [19].
From this work, we can conclude that the EL enhancement may indeed be due to a plasmonic
coupling. Nevertheless, we also identify that the presence of gold nanoparticles in the EL device allow
a more efficient distribution of charge carriers towards the luminescent centers (SiQDs). Consequently,
we confirm that more than one mechanism could be involved in the optimized electroluminescence.

2. Methods

To investigate the effect of gold nanoparticles in the vicinity of silicon quantum dots on the
electroluminescence of the fabricated light emitting devices (LED), we used p-type silicon wafers (100),
with a concentration of 10 × 1015 holes, as the semiconductor substrate. Common solvent cleaning
was employed for all samples, and additionally a standard cleaning 1 as the widely reported by Radio
Corporation of America (RCA clean) was used for silicon wafers. Gold nanoparticles (AuNPs) were
deposited using a Cressington 108 Sputter Coater (TED PELLA, INC., Redding, CA, USA) in 0.8 mb
argon atmosphere. Quartz substrates were selectively used to make depositions of the different films
in order to measure their absorption spectrum.

Silicon nitride films with different thicknesses and compositions were deposited using a remote
plasma enhanced chemical vapor deposition (RPECVD) system whose characteristics have been
reported elsewhere [29]. A substrate temperature of 300 ◦C, radio frequency power of 150 watts and
pressure of the reaction chamber of 300 mT were used as deposition parameters. The flow rates of H2,
Ar, and SiH2Cl2 were 10, 75, and 5 sccm, respectively for all the deposited films. A NH3 flow rate of
600 sccm was settled to attain a non-radiative silicon nitride (SiNx) insulating film with NH3/SiH2Cl2
gas flow ratio of R = 120. In addition, a NH3 flow rate of 200 sccm was used to obtain the radiative
silicon rich silicon nitride film (SiQDs) with a NH3/SiH2Cl2 gas flow ratio of R = 40.

Four different types of LED structures were fabricated with the aim of obtaining separate
information on the role of the AuNPs and silicon nitride layers in the enhancement of the
electroluminescence of the devices. Two EL structures were fabricated without AuNPs, and these were
considered as reference structures. The first reference EL structure was fabricated by depositing
an 80 ± 5 nm thick silicon-rich silicon nitride (SiQDs) on the surface of the p-type silicon
substrate, and then a ZnO-Al film, resulting in the (p-Si/SiQDs (80 ± 5 nm)/ZnO-Al) structure,
named PR1 (see Figure 1a). The second reference structure was fabricated as the previous PR1
structure, but depositing before the SiQDs film a 10 ± 2 nm thick non-radiative silicon nitride
(SiNx) film. This (p-Si/SiNx (10 ± 2 nm)/SiQDs (80 ± 5 nm)/ZnO-Al) reference structure was
named PR2 (see Figure 1c). On the other hand, the first AuNPs-enhanced electroluminescent
structure was fabricated also as the PR1 structure but depositing a layer of AuNPs before the
SiQDs film as shown in Figure 1b). This (p-Si/AuNPs/ SiQDs (80 ± 5 nm)/ZnO-Al) structure
was named P1. The second AuNP-enhanced electroluminescent structure was fabricated as the
PR2 structure, but depositing a layer of AuNPs before the non-radiative silicon nitride (SiNx) film.
This (p-Si/AuNPs/SiNx (10 ± 2 nm)/SiQDs (80 ± 5 nm)/ZnO-Al) was named P2 (see Figure 1d).
The different silicon nitride layers were grown into the same chamber without exposition of the
films to the ambient atmosphere by changing the NH3 gas flow rate. As transparent conductive contact
(TCC), aluminum doped zinc oxide (ZnO-Al) was deposited by ultrasonic spray pyrolysis on top of
the silicon-rich silicon nitride layer, defining square patterns with sides of 2 mm. Finally, an aluminum
metal layer of 100 nm was used as the bottom electrode, deposited by vacuum evaporation for all
the devices.
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The presence of the SiQDs and Au nanoparticles were characterized by high-resolution
transmission electron microscopy (HRTEM) using a field emission gun JEM-2010F microscope (JEOL,
INC., Peabody, MA, USA) operating at 200 kV. The HRTEM images were digitally treated with
a GATAN micrograph system (GATAN, INC., Pleasanton, CA, USA). The thickness (Th) of the
films was measured using a manual Gaertner 117 ellipsometer (Gaertner Scientific Coroporation,
Chicago, IL, USA) equipped with a He-Ne laser (632 nm). Ultraviolet-visible (UV-vis) transmission
measurements were carried out in the range from 300 to 1100 nm using a double-beam PerkinElmer
Lambda 35 UV-vis spectrophotometer (PerkinElmer, Billerica, MA, USA). The chemical composition of
the layers was determined by Fourier transform infrared spectroscopy (FTIR) by using a Nicolet 6700
system (Nicolet Instrument Corporation, Madison, WI, USA). X-ray photoelectron spectroscopy (XPS)
depth profiles were performed in an ultra-high vacuum system scanning XPS microprobe PHI 5000
VersaProbe II (PHYSICAL ELECTRONICS, Inc., Chanhassen, MN, USA). Photoluminescence (PL) and
electroluminescent (EL) measurements were carried out in a dark room at room temperature. PL spectra
were obtained using an unfocused beam of 25 mW from a Kimmon He-Cd laser operating at 325 nm
(3.81 eV) (Kimmon Electric US, Ltd., Englewood, CO, USA). An 2200-72-1 power supply (Keithley
Instrumemts, Cleveland, OH, USA) source and Digital Multimeter Tektronix DMM4050 (Tektronix,
Beaverton, OR, USA) were used as power source and current meter, respectively. The PL and EL spectra
were recorded with a Fluoromax-Spex spectrofluorometer (SPEX Industries, Edison, NJ, USA) at room
temperature. Finally, a field emission-scanning electron microscope (JEOL7600F FE-SEM) (JEOL, Inc.,
Peabody, MA, USA) was used to observe the cross-section of the Metal-Insulator-Semiconductor
(MIS-type devices).

Figure 1. (a–d) Schematic representation of the fabricated structures PR1, P1, PR2, and P2.

3. Results and Discussion

3.1. Preparation of the Layered Luminescent Devices

To characterize the chemical and physical properties of the SiQDs and SiNx films used for the
fabrication of the devices, similar thicknesses of each these layers were deposited on silicon and quartz
(Table 1). From Tauc plots [30], the band gap of the SiQDs and SiNx films were obtained and are
presented in Table 1, which are 4.04 and 4.68 eV, respectively. As expected, the SiNx layer with R = 120
has a wider band gap than the SiQDs layer with R = 40, and closer to that of the stoichiometric Si3N4
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(5 eV) [31,32]. The latter is in agreement with those works which have demonstrated that a higher NH3

flow rate, as one of the precursors for the deposition of silicon nitride films, increases its band-gap
energy, since Si atoms are bonded to more N atoms, due to the larger electronegativity of N compared
to that of Si and H [33]. Then, the gap energy of the SiQDs layer should be lower due to its higher
content of silicon, whose band gap is 1.1 eV [31,32]. Furthermore, the refractive index of the SiQDs film
obtained by null ellipsometry was slightly higher than that of the SiNx layer, owing to its higher silicon
content. However, it is worth noting the low value of the refractive index of the SiNx film compared to
the stoichiometric Si3N4 value of 2. A similar trend of the refractive index has been observed in silicon
nitride films when increasing the flow rate of the NH3 precursor, probably due to an increase in the H
and N content into the films [34,35].

The Fourier transform infrared spectra of the SiQDs and SiNx films are depicted in Figure 2.
In both samples, the characteristic Si–N (840 cm−1), N–H (1180 cm−1), and N–H (3350 cm−1) bands
of silicon nitride are found. However, the Si–H (2190 cm−1) band is only clearly observed in the
SiQDs layer. The lack of this band in the SiNx film with a higher NH3 flow rate should be due to the
incorporation of nitrogen atoms in silicon sites of the Si–H groups, which is consistent with those
works using a wide range of this precursor gas [33,35].

Table 1. Some physical properties of the silicon nitride layers with different chemical composition.

R = NH3/SiH2Cl2 Gas Flow Ratio Sample Thickness (nm) Refractive Index Optical Band Gap (eV)

120 SiNx 96.5 1.78 4.68
40 SiQDs 97.9 1.84 4.04

 
Figure 2. FTIR spectra for the two different NH3 flow rates used to attain silicon quantum dots (SiQDs)
and non-radiative silicon nitride (SiNx) films. The band at 2360 cm−1 corresponds to the CO2 molecule
in the operating environment.

The gold nanoparticles (AuNPs) and silicon quantum dots (SiQDs) thin films were obtained using
deposition conditions previously studied, which gave rise to average particle sizes of 2.9 nm and
3.1 nm, respectively [11,19]. It can be observed in both samples from HRTEM images (Figure 3a,b)
a uniform distribution of particles throughout the whole surface and quasi-spherical shape. Likewise,
the cover surface of gold nanoparticles obtained by HRTEM micrographs was 18.12% and its plasmonic
resonance location was found at about 538 nm (inset of Figure 2a).

Cross-sectional SEM images of the PR2 (p-Si/SiNx/SiQDs) and P2 (p-Si/AuNPs/SiNx/SiQDs)
structures are depicted in Figure 4a,b, respectively. From these images, the ZnO-Al transparent
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conductive contact can be identified at the top of the structures. It is worth noting that the SiNx and
SiQDs layers are not distinguishable by this technique, in both samples and that the AuNPs in the
P2 structure are clearly located at the interface between the silicon nitride and the silicon substrate.
The XPS depth profiles of the PR2 and P2 samples from silicon nitride to silicon substrate are the inset
of Figure 4a,b, respectively. These profiles show atomic concentrations of Si 2p, N 1s, and Cl 2p in the
silicon nitride films, as well as no diffusion of them to the silicon substrate. Additionally, it is possible
to identify that Au atoms do not diffuse to the bulk of the SiQDs layer. A content of oxygen is observed
at the surface of these samples, which has been attributed to post-deposition reactions, occurred when
the films were exposed to ambience [36,37].

 

Figure 3. HRTEM images of gold nanoparticles (AuNPs) (a) and SiQDs (b) films. The average size
and superficial density of AuNPs were 2.9 nm and 2.52 × 1012 particles/cm2, respectively; meanwhile,
for silicon nanoparticles, they were 3.1 nm and 6.04 × 1012 particles/cm2, respectively [11,19]. The cover
surface of gold nanoparticles was 18.12%, and its plasmonic resonance location was found at 538 nm
(inset of Figure 3a).

 

Figure 4. Cross-sectional views by SEM of the (a) PR2 (p-Si/SiNx/SiQDs/ZnO-Al) and (b) P2
(p-Si/AuNPs/SiNx/SiQDs/ZnO-Al) structures, respectively. The different silicon nitride layers (SiNx

and SiQDs) are not distinguishable by this microscopy technique. The depth profiles of these samples
from top silicon nitride to silicon substrate are inset of each figure.
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3.2. Electroluminescence

The electroluminescence spectra of the four structures were obtained only in forward bias
(considered when the cathode electrode is on the ZnO-Al) when applying voltages greater than
10 V, as can be seen from Figure 5. From this image, all the structures show an increment of the
electroluminescent emission with increasing voltage at room temperature and a maximum intensity
peak centered at around 600 nm. Also, it can be observed the influence of gold nanoparticles on the
EL turn-on voltages of the fabricated structures, since for the PR1 and P1 samples (without the SiNx

layer), the EL turn-on voltages are 18 V and 14 V, respectively, i.e., lower for the sample with AuNPs.
For these samples, voltage steps of 2 V are required to observe increased emission intensity. Likewise,
the EL turn-on voltage is also lower for the P2 sample (11 V) with gold nanoparticles when compared
with the reference PR2 (14 V) sample without them. Increased EL intensity is obtained using voltage
steps of 1 V and 2 V for these samples, respectively.

 

Figure 5. Electroluminescent (EL) spectra of the PR1 (p-Si/SiQDs/ZnO-Al), P1 (p-Si/AuNPs/
SiQDs/ZnO-Al), PR2 (p-Si/SiNx/SiQDs/ZnO-Al) and P2 (p-Si/AuNPs/SiNx/SiQDs/ZnO-Al)
samples under forward bias.

The integrated electroluminescence intensity against the injected current of each sample is
depicted in Figure 6. At first glance, a similar trend is observed for the P1 and PR1 samples; however,
a slight EL enhancement (considered as the ratio of integrated EL intensity of devices with gold
nanoparticles and reference devices) of 1.14 is found for these samples at about the same current
of 23.5 mA. Moreover, the current injection is higher in the P1 sample when compared to the PR1
sample at the same applied voltage. The structures with the thin SiNx layer (P2 and PR2) show an EL
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enhancement of 4.7 at ~27.7 mA. For these samples, the current injection is also higher for the sample
with gold nanoparticles from 15 V. These results suggest an improvement of the external quantum
efficiency in those samples using AuNPs.

In our previous paper, the PL emission of the four structures fabricated in this work had a
Gaussian-like shape with a broad band centered at about 505 nm [19], manly attributed to quantum
confinement effect in SiQDs. Since their corresponding EL emissions peaks were red shifted at ~600 nm,
it is difficult to elucidate if the origin of EL is the same as that of PL, as other mechanisms with lower
radiative transition probability as defects in the matrix or interface states in SiQDs (which produce
radiative events at higher wavelengths) [27,38,39] could give rise to the observed EL emission.

 

Figure 6. Integrated EL intensity vs injected current (mA) of the samples P1, PR1, P2, and PR2.
A maximum EL enhancement (considered as the ratio of integrated EL intensity of devices with gold
nanoparticles and reference devices) of 4.7 at ~27.7 mA is found for the P2 sample when compared to
the reference PR2 sample.

The EL spectral enhancement factor, defined as the ratio of EL intensities of samples with gold
nanoparticles and their references ones (IP1(λ)/IPR1(λ) and IP2(λ)/IPR2(λ)) is shown in Figure 7
for a defined injected current. For the IP1/IPR1 ratio at 23.5 mA, an almost constant line slightly
above one is observed with some peaks at the beginning and at the end of the plot, probably due to
the noise interfering with the measured signal at low emission intensities. This enhancement factor
evaluated through a wavelength range from 430 to 815 nm has a maximum value of 1.45 at about
466 nm, which could indicate that the presence of gold nanoparticles could help to distribute carriers
to the luminescent centers of the SiQDs film more efficiently in the P1 sample. On the other hand,
the IP2/IPR2 ratio at 27.7 mA through the same wavelength range shows a maximum EL enhancement
factor of 7 at about 510 nm, and 5.4 at about the maximum EL intensity peak (~600 nm). It is worth
noting that the higher EL enhancement factor in these structures is close to the absorption peak of gold
nanoparticles at 538 nm (inset of Figure 2a), which could suggest a resonant coupling between the
silicon quantum dots emission and the oscillations in noble metal nanoparticles in the P2 sample [24].
Moreover, as the maximum IP1/IPR1 ratio was found to be lower than the maximum IP2/IPR2 ratio,
in spite of the presence of metal nanoparticles in the P1 sample, it is important to take into account the
role of the thin silicon nitride layer (SiNx) separating the noble metal nanoparticles and the SiQDs film
in the PR2 and P2 structures, which we will discuss later in this paper. The second factor of 5.4 is close
to the EL enhancement of 4.7 earlier observed. Additionally, according to some authors [27,38–41],
we observe shining spots on the top area of our devices, increasing in number as the current increased.
Morales-Sánchez and Cabañas Tay et al. [40,41] explain the presence of these shining dots due to
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the formation of current paths connecting the top and bottom electrodes in silicon-rich oxide-based
devices. Considering this, charge carriers under forward bias in our structures would create these
paths hindered by the barriers of the bulk matrix and produced during their transport radiative and
non-radiative transitions. An image of the luminescent dots obtained in the PR2 sample at 0.69 A/cm2

is shown inset of Figure 7.

 

Figure 7. EL enhancement factor (defined as the ratio of EL intensities of samples with gold
nanoparticles and their references ones (IP1(λ)/IPR1(λ) and IP2(λ)/IPR2(λ)). The IP1(λ)/IPR1(λ)
ratio evaluated through a wavelength range from 430 to 815 nm at 23.5 mA, an almost constant line
slightly above one is observed. The IP2(λ)/IPR2(λ) ratio at 27.7 mA shows a maximum EL enhancement
factor of 7 at about 510 nm.

3.3. J-E Characteristics

Current density vs electric field (J–E) plots of the four structures studied in this work are depicted
in Figure 8a,b. The P1 and PR1 samples have threshold electric fields of ~0.65 MV/cm and ~1.4 MV/cm,
respectively. Just after current conduction is established, very similar slopes are observed in these
structures (Figure 8a). It is possible to observe a lower threshold voltage in the P1 sample; this could
be due to increased injection of carriers by the presence of gold nanoparticles. In addition, it is possible
that the electrons from the gate could be drifted to the lower interface of the structure by areas of
a higher electric field. Once there, the electrons can tunnel to the silicon nitride matrix, and to a
lesser extent, to the SiQDs. The latter is possible in our device, since it has been studied that rms
roughness as low as some nanometers at the bottom interface of a capacitor can be related to the
increased leakage current through it, due to the enhanced local electric field at the protrusions [42,43].
Even though the morphology of gold nanoparticles could not be clearly detected by the AFM (Atomic
Force Microscopy) technique, its average diameter size (estimated by TEM images of ~2.9 nm) suggests
that this mechanism could be responsible for the lower threshold voltage and higher injection current
at the same applied electric field in the P1 sample than PR1 sample. We could expect this effect to
be less important at the top interface of the device, as these metal nanoparticles were not shown to
increase, significantly, the surface roughness of the SiQDs layer with regard to the SiQDs layer of the
reference device. Additionally, from previous results [19], no PL enhancement nor quenching of the P1
and PR1 structures was found, and we could indirectly assume that the reflectance due to the AuNPs
is inappreciable. Therefore, the slight EL enhancement observed in these structures at about the same
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injected current should be due to a more efficient carrier injection to the luminescent centers of the
active film in the P1 sample, and as a result, a higher number of conductive paths.

P2 and PR2 samples have threshold electric fields of ~1.16 MV/cm and ~0.68 MV/cm, respectively,
i.e., lower for the reference structure (Figure 8b). For the PR2 sample, it is possible to observe current
density under reverse bias, and higher forward current injection than in P2 sample, from low electric
fields up to 1.75 MV/cm, after which the current increases faster in the P2 sample under a larger
bias condition. The characteristics found in the PR2 sample could have their origin in the intrinsic
properties of the silicon nitride films with different chemical composition. The presence of the very thin
SiNx layer (10 nm) with higher band gap than the SiQDs layer (according to the Tauc plots obtained)
could increase the number of accumulated holes under forward bias in the p-Si surface at the bottom
interface, and give rise to abrupt injection of carriers from the silicon substrate by tunneling towards
the SiQDs layer. Moreover, the low refractive index of the SiNx film indicates a high number of voids
in the film, which would promote leakage current even at low electric fields. Since the integrated
EL intensity in the PR2 sample was the lowest observed in the fabricated set of samples, we could
deduce an inefficient carrier transport to the luminescent centers in the bulk of the active film, in spite
of higher current passing through it from low electric fields.

On the other hand, the higher threshold voltage in the P2 sample may be due to a screening
effect of the applied electric field by gold nanoparticles at the bottom interface of the structure [44].
This effect is not seen in the P1 sample (p-Si/AuNPs/SiQDs/ZnO-Al) where the electric field is higher,
in a range from 0.74 MV/cm up to 1.49 MV/cm, than in P2 sample. One possible explanation is that
silicon nanoparticles growing from the substrate in the P1 structure may work as conduction points
of carriers and interact with the previously deposited AuNPs distributed throughout the substrate
surface, making the p-Si/AuNPs/SiQDs interface inhomogeneous.

This direct interaction between silicon and gold nanoparticles is avoided by the low silicon content
SiNx layer in the P2 sample. Therefore, the layered configuration of the P2 sample, as a whole, should
be responsible for its higher integrated EL intensity when compared with any of the other fabricated
structures. The screening effect of the electric field observed in this sample could promote overlapping
of the electron and hole population in regions far from the surface of the SiQDs film where the radiative
recombination generally occurs [45]. Likewise, an almost five-fold enhancement of integrated EL
intensity and the maximum EL enhancement factor IP2/IPR2 at about 510 nm could suggest an
increment of the internal quantum efficiency by coupling of the local field near the surface of metal
nanoparticles, and emission of the active layer at a distance defined by the SiNx thickness (10 nm).

Since the integrated EL enhancement is larger than the integrated PL enhancement (~2) in the P2
sample [19] with regard to its reference one, it is possible that more than one mechanism is involved in
the increase of electroluminescence observed, though a more detailed study is required to throw more
light on the issue. Additionally, it was observed high reproducibility of the electrical characteristics
of samples with gold nanoparticles, which is shown for three different devices (named D1, D2, D3),
using the P1 and P2 configurations in Figure 8c,d, respectively. A double asterisk denotes the P1 and
P2 samples in each figure labeled as the D3 device. The good reproducibility of the electrical and
optical properties of these structures makes it possible its use in high-reliability applications.
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Figure 8. Current density-electric field characteristics of the (a) P1 and PR1 and (b) P2 and PR2 samples.
Current density-electric field plots of three different devices of the P1 (c) and P2 (d) structures; a double
asterisk denotes the P1 and P2 samples in each graph corresponding to the device D3.

4. Conclusions

We fabricated light emitting devices based on silicon nitride films layered structures that explored
the role of AuNPs in the vicinity of a SiQDs active film. We observed improved carrier injection in
samples using gold nanoparticles under determined bias condition, as well as lower electroluminescent
(EL) turn-on voltages. Also, an EL enhancement was found in these samples when compared with
their reference ones without noble metal particles, being higher for that sample using a non-radiative
SiNx layer of 10 nm between the AuNPs and the SiQDs film (P2 sample). The almost five times higher
integrated electroluminescence observed in this sample can be explained by considering the intrinsic
physical properties of the different layers of nitride and metal that make up the device, such as band
gap and roughness. However, it is also possible that the observed EL enhanced emission in this
multilayer sample could be originated by the plasmonic coupling between AuNPs and the radiative
SiQDs film.
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Abstract: The field of semiconductor nanowires (NWs) has become one of the most active and mature
research areas. However, progress in this field has been limited, due to the difficulty in controlling the
density, orientation, and placement of the individual NWs, parameters important for mass producing
nanodevices. The work presented herein describes a novel nanosynthesis strategy for ultrathin
self-aligned silicon carbide (SiC) NW arrays (≤ 20 nm width, 130 nm height and 200–600 nm variable
periodicity), with high quality (~2 Å surface roughness, ~2.4 eV optical bandgap) and reproducibility
at predetermined locations, using fabrication protocols compatible with silicon microelectronics.
Fourier transform infrared spectroscopy, X-ray photoelectron spectroscopy, ultraviolet-visible
spectroscopic ellipsometry, atomic force microscopy, X-ray diffractometry, and transmission electron
microscopy studies show nanosynthesis of high-quality polycrystalline cubic 3C-SiC materials
(average 5 nm grain size) with tailored properties. An extension of the nanofabrication process
is presented for integrating technologically important erbium ions as emission centers at telecom
C-band wavelengths. This integration allows for deterministic positioning of the ions and engineering
of the ions’ spontaneous emission properties through the resulting NW-based photonic structures,
both of which are critical to practical device fabrication for quantum information applications.
This holistic approach can enable the development of new scalable SiC nanostructured materials
for use in a plethora of emerging applications, such as NW-based sensing, single-photon sources,
quantum LEDs, and quantum photonics.

Keywords: silicon carbide; ultrathin nanowires; nanofabrication; self-aligned nanowires; telecom
wavelengths; quantum photonics

1. Introduction

As the field of semiconductor nanowires (NWs) has become one of the most active and relatively
mature research areas, heightened interest in the synthesis, characterization, and applications of
these NWs has become prevalent within the scientific community. The unique properties of ultrathin
NWs, resulting from their reduced dimensionality coupled with their tunable properties and surface
functionalization, make them promising for various applications in the field of electronics [1], optics [2],
biological sciences [3–5], medical diagnosis [6], energy harvesting [7], and ultra-high nanosensing [8].
Furthermore, great efforts have been focused on the development of nanostructured materials that
may be employed in emerging quantum applications, such as quantum imaging and sensing, and
quantum photonics [9,10].

Top-down and bottom-up approaches are the two basic paradigms of nanofabrication. The top-down
approach refers to the etching of bulk material to sculpt nanostructures. This has the primary advantage
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of direct assembly after processing, as the density and spatial location of the resulting nanostructure
are defined by the process. However, top-down fabrication is heavily dependent on lithographical
patterning of the desired features and thus, fabricating features below 20 nm becomes difficult and
costly, and the composition of the resulting nanostructured materials is limited to the bulk materials
from which they are fabricated.

The bottom-up approach allows for the fabrication of a wide range of materials by assembling
the required subcomponents in an additive fashion. Common techniques in this paradigm include
vapor-liquid-solid [11], template-assisted electrochemical deposition [12], and solution-based growth
strategies [13]. The advantages of bottom-up techniques include the synthesis of a wide range of both
inorganic and organic materials, synthesis of heterostructures, such as axial and radial core/shell
structures, and the ability to dope in situ. The main limiting challenge commonly faced by this
paradigm is the required deterministic assembly, which involves control over the density, orientation,
spacing, and placement of the individual NWs, and their integration into large-scale arrays with high
scalability and reproducibility [14].

Deterministic assembly of NW arrays is essential for the mass production of electronic nanodevices
and the creation of practical nanoscale-based systems for the fabrication of functional interconnected
nanosystems [14]. Furthermore, the realization of devices in the emerging field of quantum
technologies requires innovative nanomaterial architectures, where the optical and quantum properties
of emission centers can be deterministically engineered [10].

Silicon Carbide (SiC) is a silicon-based wide band-gap material, which exhibits strong mechanical
properties and is chemically inert. These properties have led to the employment of SiC in a
variety of applications due their stability within a multitude of environments: In high-temperature
energy conversion devices and in chemically corrosive and high shock environments [15,16].
SiC-based field-effect transistors (FETs) have demonstrated operation for thousands of hours under
high-temperature conditions [17] and SiC NWs have been used in hydrogen sensors [18]. Furthermore,
owing to its high biocompatibility [19], SiC is used in the biomedical field for coating implants, as SiC
nanostructures enhance cell proliferation and accelerate tissue reconstruction [20,21]. In the field of
nanobiotechnology, SiC NW-FETs have demonstrated the ability to detect DNA hybridization [22].
Moreover, naturally occurring Si and C in SiC has almost negligible magnetic moment [23], which is
a necessary requirement for hosting quantum emitters with reduced optical decoherence caused by
nuclear and electronic spin fluctuation [24]. In that regard, SiC nanophotonic structures have been
recognized as promising systems for several applications in quantum technologies [10].

Herein, the current investigators present an innovative and straightforward synthesis route for
SiC NW arrays. This synthesis route allows for ultrathin self-aligned NWs to be fabricated without
the use of a lithographic-pattern-transfer technique. This fabrication scheme overcomes obstacles
faced by top-down and bottom-up approaches, which typically result in high surface defect density
states, due to the dry-etch step or random orientation and size, non-specific positioning, or requires
transfer to another substrate and subsequent fabrication steps. Ultrathin array NWs (≤20 nm) are
advantageous for NW array-based biosensors with high sensitivity, as the reduced size allows for full
gating of the NW by the charged species of interest [8]. Ultrathin SiC NW allows for higher mechanical
strength [25] and reduced bulk-defect density [26], which is particularly beneficial for the emission
of color centers [27,28]. This synthesis strategy may serve as a common experimental platform to
investigate multiple SiC NW-based emerging technologies, such as NW-based sensing, single photon
sources, quantum LEDs and quantum photonics. To this end, we have extended the above mentioned
fabrication process to host erbium ions in SiC NW arrays. The integration scheme allows us to control
the locations of erbium ions in SiC NWs and to modify the spontaneous emission properties of these
ions. Both are important components towards potential device applications in the emerging field of
quantum photonics.
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2. Materials and Methods

A simplified schematic representation with corresponding scanning electron microscope images
(SEMs) of the growth strategy for ultrathin self-aligned SiC NW arrays is shown in Figure 1. First,
ribbon arrays (250 × 250 μm2) of hydrogen silsequioxane (HSQ) negative-tone resist were fabricated on
clean Si (100) substrates using electron-beam lithography (EBL). The Si substrate was spin-coated with
HSQ (6 wt.% HSQ in methyl isobutyl ketone (MIBK)), followed by a soft-bake at 80 ◦C for 4 min prior
to exposure. The HSQ resist layer was exposed with 100 kV beam using VB300 EBL system (Vistec
Electron Beam GmbH, Jena, Germany) or with a 50 kV beam using Voyager system (Raith GmbH,
Dortmund, Germany). Exposed resist layer then developed in 2.38 wt.% of tetra methyl ammonium
hydroxide (TMAH), yielding an HSQ ribbon array (Figure 1a). Electron-beam lithography was used for
rapid prototyping while minimizing expenses; however, with the proper photomasks and processes,
the fabrication scheme presented is seamlessly compatible with standard photolithography by using a
thin oxide or nitride film instead of the resist layer (Figure 1a).

Figure 1. Nanofabrication of ultrathin self-aligned nanowires (NW) array. (a) Si wafer (gray) was
spin-coated with hydrogen silsequioxane (HSQ) followed by exposure and development yielding a
ribbon array (pink) with width and pitch ranging from 50 nm to 150 nm and from 200 nm to 600 nm,
respectively; (b) ultrathin conformal silicon carbide (SiC) layer (blue) was deposited using thermal CVD;
(c) ultrathin conformal SiC layer was etched open to expose the HSQ ribbon array using inductively
coupled plasma reactive ion etching (ICP-RIE); (d) removal of the HSQ ribbon array was done by wet
etch in buffered hydrofluoric acid (BHF), yielding SiC NW arrays with 20 nm critical dimension (width)
NWs. Cross-section SEM images are shown after corresponding steps; (e) tilted cross-section and (f)
top-down SEM image of the SiC NW array. Scale bar in all SEM images is 500 nm.

Nanowire synthesis was conducted using a well-controlled thermal chemical vapor deposition
(CVD) process, which has been reported previously for the synthesis of silicon carbide (SiC) and
silicon oxycarbide (SiC:O) [29–31]. For this work, ultrathin (10 to 40 nm) SiC or SiC:O was deposited
onto the HSQ ribbon array, followed by a thermal anneal for 1 hour in forming gas (5% H2,
95% Ar) at a temperature ranging from 900 to 1200 ◦C. The thickness of the SiC conformal layer
synthesized onto the HSQ ribbon array (Figure 1b) defines the critical dimension (width) of the
NWs, hence the NW width is solely dependent on the deposition process and not any lithographic
transfer/post-material-synthesis etching.

The Si and C single-source oligomer used was CVD-742 (1,1,3,3-tetramethyl-1,3-disilacyclobutane,
Starfire Systems) along with forming gas (5% H2, 95% N2) as a dilution gas. The SiC conformal layer
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was synthesized at 800 ◦C while system pressure was maintained at 1.0 Torr with a precursor flow rate
fixed at 10 sccm. For optional oxygen doping (synthesis of SiC:O), synthesis parameters (temperature,
pressure, precursor flow rate) were identical to the SiC synthesis with the exception of dilution gas
and the use of a co-reactant, which were ultra-high purity Ar and O2 respectively.

After synthesis of the conformal layer of SiC or SiC:O on the HSQ ribbon array, inductively
coupled plasma reactive ion etching (ICP-RIE) was performed to remove the undesired material
(ultrathin film between and on top of HSQ ribbons) and to expose the HSQ ribbon array for subsequent
wet-etch removal (Figure 1c). ICP-RIE was performed at 7 mTorr using a ratio of 90:10 CHF3:O2

for 10–15 seconds. After etching, the NW array fabrication was completed upon removal of the
HSQ ribbon array by dipping the sample in buffered hydrofluoric acid (BHF) for 5 min (Figure 1d).
Representative cross-section and top-down SEM images of the resulting nanowire array structure are
shown in Figure 1e,f.

For photoluminescence (PL) measurements, we used a home-built micro-PL (μPL)
system–composed of an argon laser (model: Beamlock 2065, Spectra-Physics, Santa Clara, CA, USA),
a dichroic mirror (DM), a 50× objective lens, a scanning nano-stage (1 nm resolution) for sample
positioning, a fiber coupled FLSP920 spectrometer (Edinburgh Instruments, Livingston, UK) and an
InGaAs detector.

3. Results and Discussion

3.1. Nanofabrication

Lithography parameters for the HSQ ribbon array were identified by performing a dose array
study from 1200 to 1750 μC/cm2 on a representative layout for the ribbon array with 100 nm wide
lines with a pitch of 400 nm. A dose of 1400 μC/cm2 was observed to best replicate the designed
dimensions (Figure 2b). A lower dose of 1300 μC/cm2 (Figure 2a) resulted in thinner ribbons indicating
under-exposure and a higher dose at 1600 μC/cm2 (Figure 2c) resulted in thicker ribbons with
flared-out base indicating over-exposure. The optimal development time for the HSQ ribbon array
was found by increasing the development time in 4-min increments. Shown in Figure 3c, 16 min was
required for complete removal of the HSQ residue between ribbons. It is worth noting that the HSQ
residue was removed more quickly at the edge of the ribbon array (Figure 3, left column) compared to
the center (Figure 3, right column).

Figure 2. Dose array for HSQ ribbon array. Top-down (left) and cross-section (right, with metallization
for imaging contrast) SEM images of approximately 100 nm wide HSQ ribbons after exposure at
(a) 1300 μC/cm2; (b) 1400 μC/cm2 and (c) 1600 μC/cm2. For all the SEM images shown, scale bar is
500 nm.
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Figure 3. Development time for HSQ ribbon array. Comparison of development time at the edge (left
column) and center (right column) of the HSQ ribbon array after (a) 4 min; (b) 8 min, and (c) 16 min of
development time. Scale bar is 500 nm for all the SEM images shown.

By using the proposed nanofabrication approach, where the critical dimension of the NWs is
defined by a well-controlled deposition process, production complexity can be reduced. Furthermore,
the NW height can be controlled by changing the HSQ thickness with different parameters during
spin-coating. Most importantly, this integration scheme can be material-invariant with proper etch
and deposition techniques.

Flexibility of the growth strategy was explored by creating HSQ ribbon arrays with a
pitch-to-ribbon-width ratio of 4:1. The pitch is denoted as P1 and the ribbon width, which becomes
sub pitch of the resulting NWs is denoted as P2. Ribbon arrays were fabricated with dimensions of
P1:P2-600:150, 500:125, 400:100, 300:75, and 200:50 (all numbers are in nm). A schematic depiction of
the resulting structures is shown in Figure 4a with corresponding SEMs in Figure 4b–f. The critical
dimension (width) and the spacing of the NWs can be modulated by adjusting the deposition time and
customizing the lithography accordingly based on specific application requirements, such as increased
spacing for subsequent processing.
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Figure 4. Modulation of NW array pitch (P1) and sub-pitch (P2). (a) Schematic representation of the
resulting NW array structure with pitch (P1) and sub-pitch (P2), and NW height (H) and width (W) by
modifying the layout of the HSQ ribbon array. Arrays of 20 nm (width, W) SiC NWs with a P1 to P2

ratio of 4:1 were fabricated. After nanofabrication, SEM images were collected for P1:P2; (b) 600:150;
(c) 500:125; (d) 400:100; (e) 300:75; and (f) 200:50 (all numbers are in nm). Scale bars in all the SEM
images are 500 nm.

3.2. Structural, Compositional, Optical, and Morphological Properties

Quality of the synthesized SiC nanomaterial, i.e., stoichiometry, crystal phase, surface
roughness, defect density etc., are very important to investigate for any practical device application.
Different characterization analyses, such as Fourier transform infrared spectroscopy (FTIR), X-ray
photoelectron spectroscopy (XPS), ultraviolet visible spectroscopic ellipsometry (UV-VIS-SE), atomic
force microscopy (AFM), high-resolution scanning transmission electron microscopy (HR-STEM) and
X-ray diffractometry (XRD) were systematically carried out to assess and optimize the deposition and
post-deposition process parameters towards achieving high-quality SiC nanowires.

FTIR spectroscopy showed a single strong absorption peak at ~760 cm−1 for all synthesized SiC,
corresponding to Si–C stretching mode [32,33]. As shown in Figure 5a, upon increasing annealing
temperature, TA, three notable changes in the absorption spectra were observed: (1) A shift in peak
position towards 800 cm−1 (Figure 5a), which corresponds to the stretching mode of Si–C bond in
crystalline SiC [33,34], (2) substantial narrowing of the full width at half maximum (FWHM) (Figure 5b)
and, (3) a change in line shape from Gaussian to Lorentzian. The line shape of the Si–C stretching mode
of the as-deposited (AD) SiC was fitted with a Gaussian function of ~265 cm−1 FWHM, indicating a
Gaussian distribution of bond lengths and angles, which characterizes the amorphous phase. Moreover,
a transformation of the line shape to Lorentzian, corresponding to a more uniform environment of Si–C
bonds, suggest the formation of crystalline SiC in the materials [35,36]. Upon annealing, the FWHM
decreased to ~30 cm−1, comparable to values for high-quality SiC [37].
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Figure 5. Structural, compositional and optical analysis of the synthesized SiC. (a) The Si–C
stretching mode of the as-deposited (AD) and annealed 20-nm SiC at 1000, 1100, and 1200 ◦C in FG (5%
H2, 95% Ar); (b) peak position of the Si–C stretching mode; (c) full width at half maximum (FWHM) of
the Si–C stretching mode; and (d) crystalline fraction in materials as a function of annealing temperature,
TA. Error bars are not depicted as the errors are smaller than the symbol size; (e) representative atomic
force microscopy (AFM) image of the surface of 20 nm SiC ultrathin film after 1100 ◦C anneal; (f) X-ray
photoelectron spectroscopy (XPS) data of Si 2p peak from synthesized SiC and 3C-SiC control sample;
(g) refractive index, n at 500 nm and Tauc optical gap, Eg vs. TA for SiC, where errors are smaller
than the symbol size; (h) X-ray diffractometry (XRD) pattern of 1200 ◦C-annealed SiC. The dashed
lines correspond to the d-spacing values of (111), (200), (220) and (311) planes of 3C-SiC phase; sf,
stacking faults.

Furthermore, to isolate the contribution of amorphous and crystalline phase, we deconvoluted
the FTIR absorption spectra of the AD and annealed SiC materials into Gaussian (G) and Lorentzian
(L) components, then the areas of each component were used to determine the crystalline fraction by
calculating L/(L + G) (Figure 5d). For example, for the 10 and 20 nm ultrathin films, it was observed
that annealing at 1100 ◦C for one hour resulted in complete crystallization as the absorption band
could be fit using a single Lorentzian. Increasing the annealing temperature further only decreased
the FWHM. The overall transformation of FTIR absorption spectra of Si–C mode with TA suggests a
high-quality and degree of crystalline environment of the synthesized SiC.

AFM was performed on SiC ultrathin films in order to assess the surface morphology.
A representative AFM micrograph of a representative 1100 ◦C-annealed SiC sample is shown in
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Figure 5e, where the mean surface roughness was determined to be ~2 Å, which is comparable to a
polished Si wafer [38].

We performed compositional analysis of the annealed SiC via XPS. The ratio of silicon and carbon
was found to be 50:50 within <1% experimental uncertainty. Additionally, strong overlap for the Si 2p
binding energy between the annealed SiC and a 3C–SiC standard at ~100.3 eV confirms the chemical
bonding of the synthesized materials and NWs are indeed Si–C (Figure 5f). The absence of XPS Si 2p
peak around ~98.5 and ~103 eV, corresponding to Si–Si and Si–O bonds respectively [32], also ruled
out the possibility of silicon or carbon nanocluster formation, as well as any oxidation.

The refractive index n, and Tauc optical gap Eg, of the SiC nanomaterials further elucidate
the quality of synthesized materials. We extracted both parameters from UV-VIS-SE measurements
(SOPRALAB, Semilab Co. Ltd., Budapest, Hungary). A decrease in refractive index upon annealing at
higher temperatures was observed (Figure 5g), approaching the reference value for 3C–SiC (~2.7) [39].
Eg values were calculated using Tauc’s law αE = B(E − Eg)2, where α is the absorption coefficient, B is
the slope (which is inversely proportional to the band tail width), E is the photon energy, and Eg is
the optical bandgap [29]. Eg increased with higher annealing temperatures, approaching the reference
value of ~2.4 eV for 3C–SiC [40].

To determine the crystalline phase of the material, XRD analysis was done on different samples.
The grazing incidence XRD (GIXRD) experiments were done at the Cornell High Energy Synchrotron
Source (CHESS) using X-rays of energy 11.4 keV. The details of the experimental setup can be found
elsewhere [41]. The vertical lines in the grazing incidence d-spacing map (GIDSM) confirmed the
polycrystalline nature of the material. The GIDSM data were integrated to obtain an intensity versus
d-spacing GIXRD plot for a 40 nm 1200 ◦C-annealed SiC (Figure 5h). The indexing was done with
JCPDS #00-029-1129 (SiC, FCC, space group #216; a = 4.35890 Å). The peak positions align well with
3C–SiC phase. The d-spacing value at 2.52, 2.2, 1.54 and 1.32 (corelates to 2θ = 35.6◦, 40.9◦, 60.0◦,
and 70◦) correspond to the (111), (200), (220), and (311) planes observed in 3C–SiC [42]. Predominant
peak of (111) plane signifies that the 3C-SiC nanocrystals have a preferred orientation of growth.
We used both Scherrer formula [34] and Williamson-Hall plot [43] to estimate the average grain
sizes of the annealed SiC. From Scherrer formula, we found the grain size to be around 3–5 nm.
The calculated grain size from Williamson-Hall plot’s intercept was found to be approximately 4.5 nm.
Peak broadening may be attributed to strain or size-confinement, and the shoulder at 2.64 Å may be
due to stacking faults in SiC [33,43].

HR-STEM along with energy-dispersive spectroscopy (EDS) studies were also performed,
as shown in Figure 6. The images showed that the NW is polycrystalline with small grains size
of average ~5 nm (Figure 6b), confirming the calculated grain size from XRD. Indexing of the digital
diffraction pattern was obtained by FFT (Fast Fourier Transform). FFT showed ring patterns with radii
of 2.51 Å, 2.22 Å, 1.55 Å and 1.34 Å corresponding well to the inter-planar spacings of cubic 3C-SiC
(Figure 6b). The TEM image and the discontinuity of the observed ring at certain angles suggest a
preferential growth direction of the 3C-SiC grains in ultrathin NWs [44]. The spacing between the
lattice fringes of a single grain was, on average, ~2.55 Å (Figure 6c), which is close to d-spacing,
~2.52 Å, of the (111) plane of 3C–SiC [45]. FFT on that single grain showed only two bright spots with
~2 × 2.51 Å distance, suggesting a single crystalline 3C–SiC. The EDS maps confirm the presence of Si
and C in the NW with no oxidation.
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Figure 6. Transmission electron microscopy (TEM) analysis of SiC NW array with P1:P2 = 400:100

nm (a) Representative TEM image of a pair of 10 nm (width, W) SiC NWs; (b) High-resolution TEM
image of a single nanowire. Inset: A fast Fourier transform (FFT) of the yellow framed area in (b),
showing spotted rings with approximate radii of 2.5, 2.22, 1.55 and 1.34 Å corresponding to (111),
(200), (220), (311) planes of 3C–SiC; (c) HRTEM (high-resolution scanning TEM) image from the purple
framed area in (b) showing the (111) orientation, which is confirmed by the FFT in inset; (d) Elemental
analyses of an area surrounding a single 10 nm NW.

3.3. Deterministic Ion Integration Into NW Arrays

We extended the growth strategy for synthesizing self-aligned SiC NW arrays and implemented
it for the deterministic placement of erbium (Er) ions into the NW arrays (Figure 7). The proposed
integration scheme is not specific to erbium ions, opening up a great potential for the use of SiC
nanophotonic structures for applications in quantum information and quantum photonics [10,46].
The extended fabrication scheme begins after the ICP-RIE to expose the HSQ ribbon array and before
the wet-etch step previously discussed (see Figure 7c). First, a ~200 nm thick sacrificial oxide was
deposited using thermal CVD. The oxide was planarized using chemical mechanical planarization
and was then recessed to expose the top of the NWs using ICP-RIE followed by a wet-etch in BHF for
10 seconds, as shown in Figure 7(d-1,2). Following the oxide recession, an encapsulation oxide was
deposited targeting 15 nm thickness prior to ion implantation (Figure 7(d-3,4)). The encapsulation
oxide (Figure 7(d-3,4)) serves two purposes: (1) It allows for tailoring the target implantation depth
of the ions into the NWs, and (2) it protects the NW surface from ion implantation damage. Erbium
ion implantation was performed using an Extrion 400 Ion Implanter, targeting 45 nm implantation
depth. The doses of erbium ions were varied between 1 × 1013–1 × 1014 cm2, a typical range
for characterizing emission behavior of ions minimizing inter-ionic interaction [47]. After the ion
implantation, the samples were wet-etched in BHF for five minutes to remove the encapsulation oxide,
sacrificial oxide, and HSQ ribbon array, and annealed at 900 ◦C for one hour in ultra-high purity Ar to
optically activate the Er ions (Er3+) based on our group’s previous study [48].
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Figure 7. Integration scheme for controlled ion implantation into NW array. Schematics (a)–(c)
correspond to Figure 1a–c; (d) schematic representation of the process steps involved in the ion
implantation; green box continued from (c): (1) Thick sacrificial silicon oxide layer (light green)
deposition. (2) Sacrificial oxide planarized and recessed below the tips of the NWs. Corresponding
top-down SEM shown in A with cross-section in B (scale bar is 500 nm). (3) Ultrathin encapsulation
silicon oxide layer (turquoise) deposition. Corresponding top-down SEM shown in C (scale bar is
500 nm). (4) Erbium ions (red) implantation into the structure; (e) erbium-doped NW array after
removal of the sacrificial oxide and HSQ ribbon array.

3.4. Photoluminescence Properties

To assess the proposed deterministic ion integration scheme and the potential of NW arrays for
controlling the emission properties of Er3+ ions, room-temperature steady-state photoluminescence
(PL) measurements were carried out on Er-doped SiC:O NW array structures. As shown in Figure 8,
we observed a strong Er-induced PL emission around 1540 nm, which is the telecommunication C-band
wavelength used in optical fibers, from Er-doped SiC:O NW, with no detectable Er3+ PL from the region
outside the NWs (white circled points). Er-induced PL spectra ~1540 nm corresponds to the intra-4f
transition (4I13/2 → 4I15/2) of Er3+ ions, which are effectively shielded by the outer 5s and 5p electrons,
resulting photostable spectra independent of annealing temperature or ambient [47,48]. Furthermore,
an appreciable enhancement of the Er-induced PL was observed in the NW array structure compared to
its thin-film counterpart. This enhancement can be attributed to an increase in the emission-extraction
efficiency in the SiC photonic crystal structure (created by the periodic arrays of NWs), resulting from
the photonic bandgap effect [46,49]. Additionally, in the case of well-passivated ultrathin NWs a
reduced bulk defect-density is expected within the ion’s recombination volume contributing to the
observed enhanced PL [26,30]. Further details pertaining to the Er3+ PL behavior in SiC NW-based
photonic structures are reported elsewhere [49].
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Figure 8. Room temperature Er-induced PL spectra. Er3+ PL ~1540 nm, corresponding to the intra-4f
transition (4I13/2 → 4I15/2) of Er3+ ions, from 20 nm SiC:O NW arrays with P1:P2-600:150 nm, with no
detectable Er3+ PL from the region outside the NWs (white circles). For comparison the Er3+ PL from a
thin-film control is also shown with same Er dose (Er: 1014 cm−2 dose, 488 nm excitation). The Er3+

PL intensity of the thin-film was normalized to the effective area of the NW array [42,43]. Inset: A
simplified schematic diagram of the home-built μPL setup composed of an argon laser, objective lens,
dichroic mirror (DM), tube lens, fiber optic (FO) coupled to a spectrometer, and an InGaAs detector
(see Materials and Methods).

4. Conclusions

In conclusion, herein we report a novel nanofabrication for synthesizing ultrathin self-aligned SiC
or SiC:O NW arrays with on-demand positioning and tailored properties. This nanofabrication
can enable the synthesis of NW arrays of a wide variety of materials, thus facilitating the
study of nanostructured materials, which are difficult to produce by typical methodologies.
Most importantly, this synthesis route allows for ultrathin NWs to be fabricated without the use
of a lithographic-pattern-transfer technique. Additionally, we describe a fabrication scheme to
deterministically integrate erbium ions into ultrathin SiC NW arrays. The high room-temperature
Er3+ telecom-wavelength PL intensity observed from such NW arrays reveal the integration benefits
of our novel nanofabrication scheme. This approach can facilitate the development of new scalable
SiC NW-based systems, which can be modified towards NW-based sensing, single-photon emission,
and quantum photonics applications.
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Abstract: Bendable single crystal silicon nanomembrane thin film transistors (SiNMs TFTs),
employing a simple method which can improve the metal/n-Silicon (Si) contact characteristics by
inserting the titanium dioxide (TiO2) interlayer deposited by atomic layer deposition (ALD) at a low
temperature (90 ◦C), are fabricated on ITO/PET flexible substrates. Current-voltage characteristics of
titanium (Ti)/insertion layer (IL)/n-Si structures demonstrates that they are typically ohmic contacts.
X-ray photoelectron spectroscopy (XPS) results determines that TiO2 is oxygen-vacancies rich, which
may dope TiO2 and contribute to a lower resistance. By inserting TiO2 between Ti and n-Si, Ids
of bendable single crystal SiNMs TFTs increases 3–10 times than those without the TiO2 insertion
layer. The fabricated bendable devices show superior flexible properties. The TFTs, whose electrical
properties keeps almost unchanged in 800 cycles bending with a bending radius of 0.75 cm, obtains
the durability in bending test. All of the results confirm that it is a promising method to insert the
TiO2 interlayer for improving the Metal/n-Si ohmic contact in fabrication of bendable single crystal
SiNMs TFTs.

Keywords: thin film transistor; single-crystal Si nanomembrane (Si NMs); TiO2 insertion layer;
ohmic contact

1. Introduction

Flexible electronics is an important development direction in the field of future electronics.
Scientists can use flexible materials to fabricate advanced electronic devices, such as transistor
arrays for optional folding and stretching, bendable flexible screens, or some sensors which can
be integrated on the clothing [1–9]. Advances in various flexible electronic technologies, including
solar cells, sensors and displays, have been driven by the use of flexible organic materials. However,
organic-based semiconductors suffer from poor device performance due to their low carrier mobility
and their chemical/thermal instability. Recently, the discovery of single-crystal Si nanomembranes
(SiNMs) has fascinated the flexible electronics community because of their high carrier mobility, stable
chemical/thermal properties and flexibility. Particularly, SiNMs released from silicon-on-insulator
(SOI) become one of the best choices owing to their outstanding electrical properties, mature fabrication
techniques and commercial feasibility at relatively lower cost [10–14].
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For SiNMs, effectively doping them to form effective ohmic contacts and realizing low contact
resistivity are both critical in realizing high speed operation. Nevertheless, many flexible substrates
are soft and have very low processing temperature tolerance. For example, ITO/PET substrates just
can withstand the highest temperature as low as 150 ◦C [11]. Hence, the traditional high-temperature
processing cannot be directly used. This challenge has been partially overcome by employing a
pre-doped (ion implantation and annealing before SiNMs release) SiNMs transfer and gate-last TFTs
fabrication process [10,11]. However, a low-temperature process to achieve a lower Metal/Si Ohmic
contact is still urgently pursued.

On the basis of the works above, we reports a simple method that using ALD technology deposits
TiO2 at a low temperature of 90 ◦C to further improve the contact between the source/drain regions
and metal electrodes. Current-voltage characteristics of Ti/insertion layer (IL)/n-Si structures, XPS
results of TiO2 and the normalized current-voltage characteristics of bendable single crystal silicon TFTs
with different cycles of TiO2 are obtained and described in detail. By inserting titanium dioxide, good
ohmic contacts are formed between the source/drain regions and metal electrodes. Ids of bendable
single crystal SiNMs TFTs increases 3–10 times than those without the TiO2 insertion layer. The TFTs,
whose electrical properties keeps almost unchanged in 800 cycles bending with a bending radius of
0.75 cm, obtains the durability in bending test.

2. Materials and Methods

2.1. Device Fabrication

Figure 1 schematically illustrates the cross section of the two kinds of bendable single crystal
silicon TFTs built on ITO/PET substrates and the devices fabrication process. Figure 1a shows structure
schematic of a bendable single crystal silicon TFT without inserting TiO2 and Figure 1b shows structure
schematic of a bendable single crystal silicon TFT with inserting different cycles of TiO2. Figure 1c
shows that the devices fabrication process was started with silicon-on-insulator wafer (SOI) (Soitec by
Smartcut with 200 nm top Si which is doped boron whose level is 1 × 1014 cm−3 and 200 nm buried
oxide). In our process of making n-channel TFTs, the source/drain regions were first formed on the
SOI substrate via phosphorus ion implantation with a dose of 5 × 1015 cm−2 and an energy of 30 keV
followed by annealing in RTP at 1000 ◦C for 20 s in N2 ambient to activate the implanted dopants.
The doping concentration of the contact area is ~1019 cm−3. SOI wafer was patterned by lithography
to form the hole patterns. RIE was used to etch the holes. 33% hydrofluoric acid (HF) etched buried
oxide (SiO2) through a lot of etching holes above SiO2 [15–19]. Completely etching buried oxide took
about 48 h so that the top Si dropped on the bottom silicon substrate by Van der Waals force [20–22].
Deionized water was used to wash away residual HF to be ready for transfer. In order to avoid being
dislocated and scattered of the SiNMs which was immersed in HF, we designed the mask including
a lot of 1 × 1 cm units so that the SiNMs formed a very large area. Even if the buried oxygen was
completely etched off, there was no displacement and scatter of the SiNMs on the bottom Si. At the
same time, this design increased the transfer area reaching 1 cm2. A flat piece of polydimethylsiloxane
(PDMS) was brought into conformal contact with the top surface of the wafer and then rapidly peeled
back to pick up SiNMs. The interaction between SiNMs and PDMS is sufficient to pick up SiNMs with
good efficiency, nearly 100%. A flexible ITO/PET substrate served as the target substrate. The target
substrate was washed with acetone and alcohol, rinsed with deionized water and then dried with a
stream of nitrogen. Treating the ITO/PET substrate with a short O2 plasma (20 sccm O2 flow with 50 W
rf power for 10 s) promoted adhesion between it and a spin coating dielectric layer of epoxy (4000 rpm
for 30 s of SU8-2002). Then the SiNMs on PDMS was brought against the epoxy layer (SU8-2002).
SiNMs was transferred to the ITO/PET substrate by gently pressing and slowly peeling up PDMS.
The epoxy layer was cured at 100 ◦C for 1 min, exposed to UV light from the backside of the sample for
10 s and finally post-baked at 100 ◦C for 1 min. Photolithography defined a pattern on the substrate.
RIE etched the Si to form MESA. O2 plasma was used to remove photoresist. After 5% HF solution
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immersion for 2 min and de-ionized water rinse for 2 min, N2 gun blew dry the samples. Then the
samples were immediately loaded into PicosunTM R-200 Advanced ALD chamber. Titanium tetrakis
(dimethylamide) (TDMATi) was used as Ti source and H2O was used as oxygen source. During the
process, TDMATi source bottle was heated to 120 ◦C and the N2 carrier flow was set to 15 standard
cubic centimeter per minute (sccm), pulse time and purge time were 100 ms and 40 s respectively.
For oxygen source, the N2 carrier flow was set to 15 sccm, pulse time was 100 ms and purge time
was 40 s. The whole deposition process was carried out at 90 ◦C. There were two different cycles
of 5 and 10. Using these two conditions formed ~0.5 and ~1 nm TiO2 on the SiNMs, respectively.
Photolithography defined a pattern on the samples. Put them into a PRO LINE PVD 75 SYSTEM (Kurt
J. Lesker Company, Pittsburgh, PA, USA) to deposit Ti (100 nm) by electron beam evaporation. Finally,
the source and drain metal contacts formed on the low-resistive source and drain regions followed by
lift-off without any further thermal treatment.

Figure 1. (a) Structure schematic of a bendable single crystal silicon TFT without inserting TiO2.
(b) Structure schematic of a bendable single crystal silicon TFT with inserting different cycles of TiO2.
(c) Schematic illustration of fabrication process for bendable single crystal silicon TFT.

2.2. Device Characterization

Etching depth of SiNMs was measured by Stylus Profiler (Bruker Dektak XT, Bremen, Germany).
The XPS testing of TiO2 samples was performed on Thermo escalab 250Xi (Thermo Fisher Scientific,
Waltham, MA, USA) using monochromatic Al-Ka (1486.6 eV) as the radiation source. The I–V
characteristics of Ti/insertion layer (IL)/n-Si metal-insulator-semiconductor (MIS) structures and
bendable single crystal silicon TFTs were both measured by using Keithley 1500 semiconductor
characterization system (Tektronix, Inc., Beaverton, OR, USA). All the measurements were performed
under ambient atmosphere at room temperature without encapsulation.

3. Results and Discussion

Figure 2a presents a schematic cross-sectional view of the Ti/insertion layer (IL)/n-Si
metal-insulator-semiconductor (MIS) structures with different ALD cycles. Figure 2b shows a high
magnification optical images of the MIS structure whose Ti pad diameter is 300 μm. Figure 2c shows
the I–V characteristics of Ti/insertion layer (IL)/n-Si (doping level is ~1019 cm−3) MIS structure with
different ALD cycles. It is obvious that the characteristic curve of devices without TiO2 (0 cycle) is
curving which is a typical Schottky contact. It indicates that even if the source/drain area is heavily
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doped, Ti/n-Si (doping level is ~1019 cm−3) will not form a good ohmic contact without any treatment.
Amazingly, the characteristic curves of devices which are deposited by the TiO2 insertion layer are
all typically good ohmic contacts. The contact resistance of 5 cycle is the smallest and the contact
resistance of 10 cycle is the second smallest. However, with the increase of the cycle (the thickness of
TiO2), the contact resistance becomes greater and greater. The explanation for this is that the thickness
of titanium dioxide exceeds a certain value leading to carriers passing through the insertion layer at
lower tunneling rate [23,24]. This will reduce the current, with presenting a larger contact resistance.
Therefore, we chose 5 and 10 cycles of titanium dioxide inserting into the TFTs to compare those
without titanium dioxide insertion layer.

Figure 2. (a) Schematic cross-sectional view of the Ti/insertion layer (IL)/n-Si metal-insulator-
semiconductor (MIS) structures with different ALD cycles. (b) A high magnification optical images of
the MIS structure whose Ti pad diameter is 300 μm. (c) The I–V characteristics of Ti/insertion layer
(IL)/n-Si (doping level is ~1019 cm−3) MIS structure with different ALD cycles.

Figure 3a shows the XPS results of Ti 2p of samples for 20 cycles and 300 cycles of ALD process and
all the XPS results are calibrated with C 1 s peak at 284.8 eV [23,24]. The two curves have two distinct
peaks at about 458–459 eV and 464–465 eV, which represent for Ti 2p3/2 and Ti 2p1/2 peaks and are
consistent with typical values of TiO2. Figure 3b shows that O 1 s results with thin TiO2, shoulder left to
O 1 s peak is obvious. This shoulder located at 531.5 eV represents for oxygen vacancies and it indicates
that thin sample has more oxygen vacancies. The illustration in the upper left corner shows the fitting
curve of 300 cycles. It can be seen that the peak of oxygen vacancies is not obvious. In conclusion, there
are some oxygen vacancies in thin TiO2 film, which will dope TiO2 and make it more conductive [24].
Due to the presence of a donor band related to oxygen vacancies which can provide more electrons,
TiO2 behaves as an n-type semiconductor and exhibits good electrical conductivity.
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Figure 3. (a) The XPS results of Ti 2p of samples for 20 cycles and 300 cycles of ALD process. (b) The
XPS results of O 1 s with thin TiO2, shoulder left to O 1 s peak is obvious. The illustration in the upper
left corner shows the fitting curve of 300 cycles.

Figure 4a–d presents the normalized current-voltage characteristics of TFTs with different cycles
of TiO2. As shown in the figure, the Ids of 0 cycle is the smallest. The Ids of 5 cycle is the greatest.
Figure 4d shows the Ids of 0, 5, 10 cycle at Vgs = 5 v. It presents that the current of 10 cycles is three
times the 0 cycle one. The current of 5 cycles is ten times the 0 cycle one. These results are consistent
with results of Figure 2c. The reason is that inserting the titanium dioxide of appropriate thickness
between Ti and n-Si can effectively restrain the Fermi energy level pinning effect of n-type silicon
so as to improve the Ti/n-Si ohmic contact, reduce the contact resistance and increase the current
driving ability.

Figure 4. The normalized current-voltage characteristics of the thin film transistor devices on PET
substrate with different cycle of TiO2. (a) The thin film transistor devices on PET substrate with 0 cycle
of TiO2. (b) The thin film transistor devices on PET substrate with 10 cycles of TiO2. (c) The thin film
transistor devices on PET substrate with 5 cycles of TiO2. (d) Shows the normalized current-voltage
characteristics of the thin film transistor devices on PET substrate whose Ids of 0, 5, 10 cycles at Vgs = 5 v.
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Figure 5a presents transfer characteristics of TFTs with different cycles of TiO2. Ion/off of 0 cycle
is 102, 5 cycles is 104 and 10 cycles is 103. Ion of 0 cycle is smallest, 5 cycles is largest and 10 cycles is
medium. This result is consistent with results of Figures 2c and 4d. Thin TiO2 which restrains the Fermi
energy level pinning effect of n-Si can improve the interface contact between Ti/n-Si contributing to
increase Ids [23–25]. Ioff of 0 cycle is largest, 5 cycles is smallest and 10 cycles is medium. For transistors,
the smaller the Ioff, the better the performance of the device. After analysis, it may be that ALD growth
of titanium oxide plays anneal role so that the interface contact between epoxy layer (SU8-2002) and
SiNMs is better than that without depositing TiO2. It promotes the ability to control current of gate
electrode. To test this conjecture, we put the TFT without depositing TiO2 into ALD annealing at 90 ◦C
for 5 min (the time of depositing 5 cycles TiO2) and then compared the transfer characteristics with
unannealed one. Results are as Figure 5b shown, the Ioff of without TiO2 but with annealing is an order
of magnitude smaller than that without TiO2 and without annealing, which is consistent with results
of Figure 5a. Hence, it indicates that even if annealing at 90 ◦C can also improve the interface contact
between epoxy layer (SU8-2002) and SiNMs with reducing interface defects and enhancing the ability
to control current of gate electrode to reduce Ioff. Thus, the combination of the inserted TiO2 layer and
very low-temperature annealing process improves the metal/Si ohmic contact.

Figure 5. (a) Transfer characteristics of TFTs on ITO/PET substrates with different cycles of TiO2.
(b) Transfer characteristics of the annealed TFT which are not deposited TiO2 on ITO/PET substrates
compared with one without annealing.

Figure 6a is an image of the flexible TFTs fixed on a probe station with the bending radius of
0.75 cm. Figure 6b shows the digital photographs of the flexible TFTs. Figure 6c shows an image of one
device of TFTs under an optical microscope. Figure 6d shows a bending test of the flexible TFTs with
a bending radius of 0.75 cm. Obtaining the durability in bending conditions is essential to wearable
applications [26]. The electrical properties of the devices do not change significantly in 800 cycles with
a bending radius of 0.75 cm, confirming a reliable performance for flexible operations.
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Figure 6. (a) The image of the flexible TFTs fixed on a probe station with the bending radius of 0.75 cm.
(b) Shows the digital photographs of the flexible TFTs. (c) Shows an image of one device of TFTs under
an optical microscope. (d) Shows the electrical characteristics of the flexible TFTs with a bending radius
of 0.75 cm after being bent several times.

4. Conclusions

A simple method was used to improve Ti/n-Si contact characteristics by inserting ALD deposited
TiO2. The fabrication temperature of inserting ALD deposited TiO2 is below 120 ◦C which is the
highest temperature plastic can withstand. Hence, we were able to combine this method into the
manufacture of flexible thin film transistors. The results show that this method is not only feasible
but also effective. It can change the Schottky contact into a satisfactory ohmic contact so that increase
current drive capability. The electrical properties of the flexible TFTs do not change significantly with
bending 800 cycles, confirming a reliable performance for flexible operations.
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Abstract: This work describes the growth of silicon–silicon carbide nanoparticles (Si–SiC) and their
self-assembly into worm-like 1D hybrid nanostructures at the interface of graphene oxide/silicon
wafer (GO/Si) under Ar atmosphere at 1000 ◦C. Depending on GO film thickness, spread silicon
nanoparticles apparently develop on GO layers, or GO-embedded Si–SiC nanoparticles self-assembled
into some-micrometers-long worm-like nanowires. It was found that the nanoarrays show that
carbon–silicon-based nanowires (CSNW) are standing on the Si wafer. It was assumed that
Si nanoparticles originated from melted Si at the Si wafer surface and GO-induced nucleation.
Additionally, a mechanism for the formation of CSNW is proposed.

Keywords: silicon; silicon carbide; nanoparticles; nanowires; graphene oxide; self-assembly;
thermal reduction

1. Introduction

Nanostructures of organic and inorganic materials display singular physicochemical properties
that depend on their chemical composition and morphology [1–3]. Recent advances on synthesis
methods, and morphological and phase composition control [4,5] have led to the development of novel
multifunctional nanomaterials for applications in medicine [6], energy conversion and storage [7],
environmental remediation [8], and electronics [9].

The synthesis of the core–shell hybrid inorganic–organic nanostructures is intensively pursued
because it combines both the inorganic core functionality and its stability under operation; moreover,
the core itself may be designed to allow for an additional functionalization, expanding its technological
applications [10,11]. In the last years, a number of graphene or graphene oxide (GO)-coated
transition metal oxides [12] or chalcogenides [13] have been synthesized and tested as catalysts,
drug-nanocarriers, and for energy conversion and storage [14,15].
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Silicon, silicon carbide, and silicon oxide nanoparticles have been reported to be promising
materials in the areas of energy conversion, sensors, catalysis, and nanomedicine [16–21]. To date,
a number of physical and chemical techniques have been reported for growing silicon nanoparticles,
including pulsed laser ablation, plasma processing, ball milling, chemical vapor deposition, colloidal
routes, and electrochemical etching [22]. In almost all of these methods, the used raw materials
were bulk silicon or highly toxic Si precursors. By using silicon on insulator (SOI) film as substrate,
Zywietz et al. [23] prepared silicon nanoparticles by the pulsed laser technique. In their experiments,
a pulsed laser beam was focused on the surface substrate to produce a local melting, from which liquid
silicon drops were formed. They proposed a mechanism for explaining the drop formation and its
transformation into 160 nm-sized solid Si nanoparticles. Similarly, amorphous 3 μm Si microparticles
were obtained by Garin et al. [24] using low pressure chemical vapor deposition (CVD) at temperature
between 400 ◦C and 600 ◦C, using disilane as the Si source. In this case, disilane decomposed into
a variety of H–Si species in the reactor bulk to reach supersaturation, and then nucleation occurred,
followed by the growth of Si nanoparticles, which were collected on the polished surface of a Si
(100) n-type wafer. Shavel et al. [25] produced 4–6 nm Si nanoparticles by a colloidal route using
a mixture of AlCl3–NaCl as molten salt solvent, some stabilizer, and silicon alkoxide precursor as
(3-aminopropyl)triethoxysilane (APTES) or tetramethyl orthosilicate (TMOS). The synthesis was done
at atmospheric pressure and 250 ◦C under Ar atmosphere.

On the other hand, composites of silicon nanoparticles embedded into carbon-derived
materials are currently studied as the anode material of Li-ion batteries [26]. These nanocomposites
have been prepared by electrospinning, and hydrothermal and CVD methods, and have been
demonstrated to produce high-performance anodes in Li-ion battery research [27–29]. However,
some degradation-related problems were detected, because nanosized silicon pulverizes, due to the
stress promoted by the anode volume change during the cycling lithiation–delithiation processes [30].
Beyond the abovementioned ones, other applications for Si nanoparticles include solar cell
manufacture [31] and biomarkers [32].

A promised application niche for silicon–carbon hybrid nanocomposites are as biological
markers, since graphene oxide and silicon have a low toxicity compared with capped cysteamine or
mercaptoundecanoic acid CdSe and CdTe quantum dots [33].

To our best knowledge, there are a few reports on the synthesis of carbon–silicon hybrid
1D nanocomposites. For instance, Chen et al. [28] reported the fabrication of embedded-silicon
carbon nanowires, starting from Si nanoparticles that were first oxidized to form SiO2–Si core–shell
nanostructures. The obtained nanoparticles were dispersed in Pluronic F127, polyacrylonitrile,
and N,N-dimethylformamide mixtures, and then electrospun into hybrid nanofibers having Si–SiO2

nanoparticles, and the SiO2 layer was then removed with HF.
This work reports a novel method to synthesize polycrystalline Si–SiC nanoparticles on a

GO-coated silicon wafer surface. The present work derives from our previous research on the synthesis
of graphite-encapsulated copper or copper oxide hybrid nanoparticles at the GO film/copper foil
interface, which was formed by dripping water dispersed-GO on a copper foil surface. Here, it was
observed that GO promotes the growth of Cu-based nanostructures at temperatures as low as 80 ◦C,
and that their phase and morphology strongly depended on the processing temperature [34,35].
Based on these findings and considering that a solid melts starting from its surface, at temperatures
below its nominal bulk melting point, we carried out experiments to produce graphite-encapsulated
silicon nanoparticles at the surface of a silicon wafer by following a similar method as that used for
making the graphite-coated copper-based nanoparticles.
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2. Materials and Methods

2.1. Materials

Graphite flakes (+100 mesh), sodium nitrate (≥99%), potassium permanganate (≥99%),
and hexane (≥99%) were obtained from Sigma-Aldrich (Toluca, Mexico). Sulfuric acid (95–98%)
was purchased from Reproquifin (Mexico City, Mexico).Hydrogen peroxide (30%) and acetone (99.77%)
were obtained from J.T. Baker (Mexico City, Mexico). Ethanol (99.5%) was purchased from Reasol
(Mexico City, Mexico). All reagents were used as received without further purification.

2.2. Preparation of the CSNW

GO was prepared from natural graphite flakes by the modified Hummers’ method, as previously
reported by the authors [35]. A 1 × 1 cm2 p-type silicon (Si) (100)-oriented wafer was used as the
substrate. Before the GO film deposition, it was degreased by sequential sonication steps in hexane,
acetone, and ethanol. GO films of different thickness were deposited by dripping ~0.02 mg mL−1 or
~2 mg mL−1 GO concentrated dispersions, to obtain samples named A and B, respectively. Finally,
the samples were dried at 80 ◦C under nitrogen flux for 15 min to consolidate a film. The GO/Si
samples were annealed in a quartz tube furnace at 1000 ◦C for 1 h under Ar atmosphere.

2.3. Characterization

The structural change of GO-silicon nanocomposites was assessed by Raman Spectroscopy using
a WITec alpha 300 RA+ apparatus (WITec GmbH, Ulm, Germany), with an attached 50× objective lens
and 532 nm laser excitation, recorded from deposited GO and reduced graphene oxide (rGO) films.
Fourier transform infrared spectroscopy (FT-IR) was done on KBr-supported sample pellets using a
Perkin-Elmer spectrum 100 (Perkin-Elmer Inc., Waltham, MA, USA). Film thickness was measured in a
KLA-Tencor P-15 profilometer (KLA-Tencor Corp., Milpitas, CA, USA). The morphology was studied
using a field-effect scanning electron microscope (FE-SEM) Zeiss Auriga (Carl Zeiss Microscopy GmbH.,
Jena, Germany) or Hitachi STEM-5500 (Hitachi Ltd., Tokio, Japan), and high-resolution transmission
electron microscopes (HR-TEM) JEOL ARM 200F and JEOL 2010 (JEOL Ltd., Tokio, Japan).

3. Results and Discussion

3.1. Raman and FT-IR Characterization

According to Raman analysis, thermal processing at 1000 ◦C under an Ar atmosphere produced
the simultaneous formation of the silicon nanoparticles or carbon–silicon nanowires and GO reduction.
Similar results regarding the reduction level and the silicon–silicon carbide nanoparticles formation
were obtained for both samples, A and B.

Figure 1 shows Raman spectrum (sample B) of (a) as-deposited GO and (b) one corresponding to
GO–Si hybrid nanocomposite on the Si substrate. The as-deposited GO Raman spectrum exhibits the
G and D bands at 1598 and 1357 cm−1, respectively. As frequently reported, they originate from the
in-plane vibrations of carbon sp2 bonds (G band), and structural defects (D band) [36,37]. After the
thermal process (Figure 1b), both bands changed in position and intensity, consistently with the GO
reduction degree [38]. That is, the G and D peaks underwent a red-shift of about 13 and 10 cm−1,
respectively. The red shift of the G band suggests the reduction of graphene oxide and the recovery of
the sp2 domain, while the D band shift is associated with the size of the in-plane sp2 domain [37,39].
Likewise, the increase in the I(D)/I(G) ratio from 0.91 to 1.21 indicates the formation of numerous
aromatic domains of smaller overall size in graphene [40]. Note that Chan Lee et al. [41] reported the
effective reduction of sprayed-GO films by Si.

Raman spectrum of rGO-Si nanocomposite (Figure 1b) displays the GO Raman bands and those
belonging to silicon ~515 and 950 cm−1. The sharp band at 515 cm−1 could be assigned to TO vibration
of Si–Si bond [42], the red shift from the assigned value of bulk silicon (~520 cm−1) could be attributed
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to the presence of nanocrystals in the nanowire [43]. The low intensity Raman band at 950 cm−1

appears to correspond to nanosized silicon, as reported by Meier et al. [44], however, the HR-TEM
analysis of prepared material revealed that polycrystalline nanoparticles composed of Si and SiC
were obtained.

On the other hand, the FT-IR characterization served to confirm the effective GO reduction as
indicated by Raman spectroscopy. As-deposited GO (Figure 2a) shows absorption bands at 1117, 1201,
1427, 1622, and 3425 cm−1, corresponding to C–O stretching vibrations, C–OH stretching vibrations,
O–H deformation, C=C stretching (skeletal vibrations from unoxidized graphitic domains), and O–H
stretching vibrations, respectively, all of them in good agreement with the wavenumber localization
reported for GO prepared by the Hummers’ method [45,46].

The FT-IR spectrum of GO–Si nanoparticle composite (Figure 2b) also suggests the reduction
of thermally processed GO with the temperature, since all the absorption bands associated with the
abovementioned oxygenated groups decreased in intensity. It was even observed that the thermal
process led to the entire vanishing of some bands. In the FT-IR spectra, both of the silicon nanoparticles
and of the carbon and silicon nanowires, the bands associated to Si–C or Si–O cannot be appreciated in
Figure 2b, since the signals are screened, due to the core–shell structure [47].

Figure 1. Raman spectra of as-deposited graphene oxide (GO) (a) and reduced graphene oxide (rGO)-Si
hybrid nanocomposite (b). The latter displays Raman bands of Si (namely, the substrate) at 515 cm−1

and nanosized Si at 950 cm−1.

 
Figure 2. FT-IR spectra of (a) as-deposited GO and annealed sample at (b) 1000 ◦C for 1 h.
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3.2. Morphology and Structure

After being prepared, the structure and morphology of samples A and B were examined by
FE-SEM and HR-TEM. It was found that the thermal annealing led to the formation of silicon-derived
nanoparticles at the GO/Si interface, and their morphology and mean particle size strongly depended
on the GO film thickness. The HR-TEM analysis revealed that the nanoparticles are multiphase,
comprising Si and SiC as dominant phases. The sample A (GO film thickness of around 100 nm)
consists of Si–SiC nanoparticles of 20 nm mean size decorating the GO sheet surface (Figure 3a,b).
On the other hand, in sample B (GO film thickness of 1 μm), Si–SiC nanoparticles (30 nm mean size)
were self-assembled into worm-like hybrid nanostructures, as shown in the FE-SEM images at low- and
high-magnification (Figure 3c,d, respectively). These hybrid rGO-Si–SiC worm-like nanostructures are
mostly 10–100 nm in diameter with a length of several micrometers, covering a relatively large area of
the Si wafer surface (note the magnitude scale of FE-SEM image in Figure 3d).

 

Figure 3. FE-SEM images of sample A (a,b) (nanoparticles decorating rGO sheets) and sample B (c,d)
(the CSNW obtained from the thermal annealing of the GO at 1000 ◦C, using a Si wafer as support).

The TEM and HRTEM images in Figure 4 display the morphological features of samples A and
B. Figure 4a corroborates the FE-SEM characterization result in that Si-based nanoparticles decorate
the rGO sheets in the sample A. On the other hand, Figure 4c,d displays the striking morphology of
sample B, which consists of different-sized nanoparticles that self-assembled to develop the worm-like
structures, as those shown in Figure 3d. TEM images, Figure 4c,d, suggest that silicon-derived
nanoparticles are embedded into 1D self-assembled rGO sheets. In Figure 4d, a magnified image of the
framed zone in Figure 4b is shown. It provides a more detailed view of the branched characteristics of
the worm-like nanostructures, as they are formed by rGO-supported individual nanoparticles.

The HR-TEM images of individual nanoparticles of samples A and B are shown in Figure 4b,e,
respectively. It is seen that both are 30 nm diameter ball-shaped nanoparticles, apparently coated with
an rGO shell. A careful determination of interplanar spacing revealed that various crystalline phases
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coexist in the formed nanoparticles, that is, they are multiphase polycrystalline entities; geometric
shapes in Figure 4c were used to indicate the coexisting crystalline phases.

We report fast Fourier Transform (FTT) images in the inset of Figure 4b, and the areas selected
in Figure 4c were used to estimate interplanar distances, which agree well with that reported for
the spacing of (100), (002), (110), (111), and (131) planes of cubic SiC, (111), (113), and (353) of Si,
and (110), (011), (302), and (300) of graphite (C). Note that, if they exist, we were unable to detect
silicon oxide-derived phases.

Figure 4. TEM and HR-TEM images of the sample A (a,b) and the sample B (c–e) after thermal annealing
of GO at 1000 ◦C. (a) rGO sheets decorated by Si-based polydispersed nanoparticles. (b) HR-TEM
of an irregularly shaped nanoparticle, where the inset corresponds to the FTT of (b). (c,d) Images
of carbon–silicon-based nanowires (CSNW) which consist of Si-based nanoparticles embedded into
1D self-assembled rGO sheets. (e) HR-TEM of a nanoparticle, where it can be observed that it is
polycrystalline. (f) The FTT of selected areas in (e).
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3.3. Mechanism Proposed for the CSNW Formation

The morphological characterization by FE-SEM and HR-TEM suggests that polycrystalline Si–SiC
nanoparticles arise as the primary building blocks to develop more complex nanostructures. Both the
mean particle size and morphology are strongly associated to the GO film thickness. Indeed, experiments
carried out on silicon wafer GO-free surface were unsuccessful in growing silicon nanoparticles. After being
formed, they interact, leading to a self-assembly process that produces the worm-like structures.

To explain the silicon nanoparticle formation, we have assumed that they originate from melted
silicon at the silicon surface through a nucleation process that starts at the high energy edges of GO
sheets. Since the Si melting point is around 1414 ◦C [48], and the hybrid materials were made at 1000 ◦C,
we proposed that impurities and structural defects at the silicon wafer surface might promote the
melting of silicon surface (pre-melting effect) at temperatures lower than the nominal silicon melting
point. Also, it is quite probable that GO has a certain participation in the melting of silicon surface,
because recent reports suggest that GO could act as a high temperature reactor [49]. Thus, we believe
that the synergy between the pre-melting effect and the ability of GO to absorb IR radiation [50]
promotes melting of the silicon surface. Additional support for the silicon surface pre-melting at
temperatures lower than its melting point is provided by the roughness change observed in thermal
oxidation at the silicon wafer surface, at temperatures of 900–1000 ◦C [51–53].

Regarding the phase composition of nanoparticles, it is known that the temperature of GO
pyrolysis strongly depends on GO sheet size. It is quite probable that the combined participation of both
GO pyrolysis and CO2 emission by GO reduction supply elemental carbon to react with silicon and, in so
doing, form the observed silicon carbide. The formed nanoparticles are stabilized by the rGO network.

Accordingly, we propose that the observed worm-like hybrid nanostructures develop as illustrated
in Figure 5.

Figure 5. Scheme of the proposed mechanism for the carbon–silicon-based nanowires formation.
(a) Si-based nanoparticle development at the interface GO and Si wafer. (b) nanoparticle agglomeration
and coalescence into larger structures. (c) carbon-silicon based nanowires formation. FE-SEM images to
support the proposed steps (d) development. (e) agglomeration and coalescence and (f) carbon-silicon
based nanowires formation.

At first, small Si–SiC nanoparticles develop (Figure 5a), then, they diffuse across the melted
silicon surface to interact and, finally, they coalesce to form larger nanostructures (Figure 5b).
The worm-like structure originates from the GO-promoted self-assembly of individual Si, SiC,
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and Si–SiC polycrystalline nanoparticles, with the latter formed by the coalescence among Si and SiC
(see Figure 5c), as suggested by HR-TEM (Figure 4). The FE-SEM images (Figure 5d–f) were added to
support the proposed mechanism for the nanoparticle self-assembly.

4. Conclusions

In summary, we have presented the development of silicon–silicon carbide (Si–SiC) nanoparticles
at the graphene oxide/silicon interface. Depending on the GO film thickness, the obtained
nanoparticles disperse on the silicon surface, or they self-assemble into a few-micrometer 1D worm-like
hybrid nanostructure. It was demonstrated that dispersed silicon nanoparticles develop on graphene
oxide layers, whilst 1D nanostructures comprise GO-embedded self-assembled Si–SiC nanoparticles.
It was assumed that the silicon surface melts, and that Si and SiC nanoparticles originated through a
graphene oxide-induced nucleation of melted silicon. In addition, a mechanism for the formation of
the (CSNW) was proposed.
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Abstract: An in-situ, catalyst-free method for synthesizing 3C-SiC ceramic nanowires (SiCNWs)
inside carbon–carbon (C/C) composites was successfully achieved. Obtained samples in different
stages were characterized by X-ray diffraction (XRD), scanning electron microscopy (SEM),
and Raman scattering spectroscopy. Results demonstrated that the combination of sol-gel
impregnation and carbothermal reduction was an efficient method for in-situ SiCNW synthesis,
inside C/C composites. Thermal properties and mechanical behaviors—including out-of-plane and
in-plane compressive strengths, as well as interlaminar shear strength (ILLS) of SiCNW modified
C/C composites—were investigated. By introducing SiCNWs, the initial oxidation temperature
of C/C was increased remarkably. Meanwhile, out-of-plane and in-plane compressive strengths,
as well as interlaminar shear strength (ILLS) of C/C composites were increased by 249.3%, 109.2%,
and 190.0%, respectively. This significant improvement resulted from simultaneous reinforcement
between the fiber/matrix (F/M) and matrix/matrix (M/M) interfaces, based on analysis of the
fracture mechanism.

Keywords: SiC nanowires; C/C composites; in-situ growth; mechanical properties

1. Introduction

Carbon–carbon (C/C) composites, composed of carbon fibers and a carbon matrix, are important
thermal-structural materials. C/C composites can retain their strength and stiffness under ultra-high
temperatures, and they exhibit unique thermal properties, such as high heat capacity, high thermal
conductivity, low thermal expansion, and good thermal shock resistance. Therefore, C/C composites
are widely applied in aerospace engineering and used in industrial devices [1–3]. Mechanical and
thermal properties of C/C composites mainly depend on their carbon microstructures. Generally,
the carbon matrix is deposited inside the carbon fiber preform by chemical vapor infiltration (CVI),
to form C/C composites. In addition, the process of infiltrating the carbon matrix greatly affects the
interface in yielded composites. Bridge interfaces for both stress and heat transfer significantly impact
the mechanical and thermal performance of C/C composites [4–6], as well as impact the mechanical
and thermal performances of C/C composites.

Mechanical and thermal properties are key performance indicators for assessing high-temperature
structure materials [7]. As for C/C composites, mechanical and thermal properties mainly depend
on the microstructure of the carbon materials. An interface is the bridge, through which load
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and heat can be transferred in composites [8,9]. There are mainly two kinds of interfaces in
C/C composites: fiber/matrix (F/M) interfaces—interfaces between the fiber and its surrounding
matrix—and matrix/matrix (M/M) interfaces, which result from the layered feature of the matrix
and refers to interfaces between the layered matrix. The poor bonding strength of both interfaces
leads to low interlaminar shear strength and compressive strength of the composites. In recent years,
numerous investigations have been carried out to modify these interfaces, in order to improve both
the mechanical and thermal performance of C/C composites [10–12].

Silicon carbide nanowires (SiCNWs) have attracted much interest because of their excellent
elasticity and strength, which are much better than those of SiC ceramic bulks and whiskers. Therefore,
SiCNWs have been proven to have outstanding secondary reinforcing phases in ceramic, metals and
polymer matrix composites [13–16]. However, the application of SiCNWs inside of C/C composites
has been rarely studied. Up to now, the most commonly applied method employed has been the
well-known, vapor-liquid-solid (VLS) growth mechanism, which usually uses a metal as the catalyst,
due to its unique properties [17]. However, it is very difficult to remove the residual metal catalyst from
SiC nanowires and it always acts as a contamination, resulting in the degradation of their electronic and
mechanical properties, under harsh environmental conditions [18,19]. Especially when SiC nanowires
are applied as the reinforced phase in C/C composites at high temperatures, the metal catalyst will
cause devastating side effects. Catalysts can accelerate the oxidation process, which can corrode fibers.
At the same time, because of the complexity of the internal structure of C/C composites, it is difficult to
perform in-situ synthesis of nanowires. Hence, a greater enhancement of the embedded reinforcement
phases in C/C composites should be carried out. Technological challenges affecting C/C composites
are summarized below: (a) metal catalysts should be avoided; (b) a porous material with as many
growth spaces as the growth medium is needed; (c) the reinforcement phase should be dispersed
uniformly inside the matrix.

In the present work, we demonstrated a feasible way to achieve in-situ, catalyst-free growth
of SiCNWs in C/C composites. Porous carbon felt was used as the growth medium, whereas silica
xerogel and pyrolytic carbon were used as the source materials. Finally, SiCNW-C/C composites
were obtained through densification, using the TGCVI (Thermal Gradient Chemical Vapor Infiltration)
method. The morphology, crystal microstructure, composition, and growth mechanism of SiCNWs
were studied. As for the SiCNW-C/C composites, mechanical properties—including out-of-plane
and in-plane compressive strengths, as well as interlaminar shear strength (ILLS), were also tested.
Furthermore, we analyzed the reinforcement mechanism of C/C composites with SEM images of
the fracture surfaces, which demonstrated the excellent mechanical properties of SiCNWs during the
reinforcement phase.

2. Experimental Section

2.1. Preparation of SiCNW-C/C Composites

Commercially available tetraethoxysilane (TEOS), ethanol absolute (EtOH, AR; Hongyan
Reagent Factory, Tianjin, China), deionized water (H2O, AR), hydrochloric acid (HCl, AR; Hongyan
Reagent Factory, Tianjin, China), and 2D needled carbon felt (density: 0.54–0.56 g/cm3, fiber diameter:
6–7 μm; Tianniao, Jiangsu, China) were used as raw materials. SiO2 sol was prepared by the
method reported in our previous work [20]. Figure 1 shows the schematic illustration for the
fabrication of C/C composites, with in-situ grown SiCNWs. Firstly, 2D needled carbon fiber felts
(120 mm × 80 mm × 70 mm) were impregnated with SiO2 sol to obtain carbon felt/silica xerogel.
Then the carbon felt/silica xerogel was placed at the center of a tube furnace. The heating rate was
10 ◦C/min and the flow rate of Ar gas was controlled at 1.5–1.6 L/h. When the temperature reached
1050 ◦C, it was maintained for 2 h. After that, the furnace was naturally cooled to room temperature
and SiOC-C/C composite preforms were obtained through the ICVI (Isothermal Chemical Vapor
Infiltration) reaction process.
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Figure 1. Schematic diagram of the formation of silicon carbide nanowires with carbon-carbon
(SiCNW-C/C) composites. CVI = chemical vapor infiltration.

In order to obtain the SiCNWs, SiOC-C/C preforms were heat treated in a graphite furnace, at
1550 ◦C for 2 h, under an Ar atmosphere and with a steady heating rate of 20 ◦C/min. After the
heat treatment, the SiOC was converted into many cross-linked SiC nanowires, as shown in Figure 2.
The last step was the densification of the preforms by TGCVI, with natural gas as the carbon source,
nitrogen as the dilute, and a carrier gas at 950 ◦C. After 140 h of densification, the final density of the
SiCNW-C/C composite was about 1.80 g/cm3.

Figure 2. Cont.
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Figure 2. (a) Low-magnification of the needling felt layer, (b) low-magnification of the non-woven layer,
(c) high-magnification, (d) columnar, and (e) beaded SEM images of the SiCNWs, (f) EDS of the SiCNWs,
(g) and Raman spectra of the SiCNWs.

2.2. Characterization

Scanning electron microscopy (SEM) images were taken on a field emission scanning
electron microscopy (FESEM, ZEISS-SUPRA 55, Jena, Germany), equipped with energy dispersive
X-ray spectroscopy (EDS). The chemical composition and phase identification of the synthesized
felt/silica xerogel, SiOC-C/C preform, and SiOC-C/C and SiCNW-C/C composites were analyzed
using Raman scattering spectroscopy (Raman, Renishaw inVia, Gloucestershire, England) and
X-ray diffraction (XRD; PANalytical X’Pert Pro, Almelo, The Netherlands), with Cu Kα radiation
(λ = 1.5418°A).

2.3. Test of Mechanical Properties

Differential thermal analysis and thermal gravimetry were carried out on a TGA/SDTA851
thermoanalyzer (Mettler Toledo, Zurich, Switzerland), within an air atmosphere, at a heating rate of
10 ◦C/min. Compressive strength (out-of-plane and in-of-plane, ASTM D3410) and interlaminar shear
strength (ILSS; ASTM D5379)—as well as the compressive shearing of the composites before and after
modification by the SiCNWs—were tested to demonstrate the effect of SiCNWs in increasing the C/C
composite’s mechanical properties. The samples prepared for tests, with a loading rate of 0.5 mm/min
at room temperature, were placed in square grids with the size of 10 mm × 10 mm × 10 mm. All these
samples were tested, using an electronic universal testing machine (Shenzhen SANS Testing Machine
Co., Ltd., SANS CMT5304-30, Shenzhen, China). Final results were achieved by computing means of
at least five samples. Both the compressive strength and shear strength were calculated by σ = P/S,
where σ means the calculated mechanical strength, P denotes the compressive force, and S signifies
the area of force.

3. Results and Discussion

3.1. Morphology of SiCNWs

The as-obtained SiCNWs were characterized by SEM to identify their morphology. The non-woven
layer and needling felt layer of the SiCNW-C/C preform could be observed from the low magnification
SEM image of the SiCNWs. As shown in Figure 2a,b, there was a large number of nanowires randomly
distributed on the surface of the carbon fibers, whose lengths varied from several to hundreds of
micrometers. Compared to the needling felt layer, SiCNWs in the non-woven layer were relatively
few and radiated from the carbon fiber to the surrounding stretch. This was because there was more
reaction space and Si source in the needling felt layer. Figure 2c indicates that mainly two types of
SiCNWs existed. Corresponding high-magnification SEM images in Figure 2d,e clearly reveal the
shape of the nanowires, with a diameter of approximately 100–200 nm, and were columnar and beaded,
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respectively. The specific elemental composition of the as-prepared sample, taken from Spot 1 (in red)
in Figure 2c was further investigated using EDS, as displayed in the inset in Figure 2f. Due to the
influence of the carbon matrix, the atomic ratio of Si and C was about 1:3. The Raman spectra (Figure 2g)
show a peak at around 791 cm−1 and a broad peak in Spot 1 (in red), which were attributed to the
3C-SiC nanowires [21].

3.2. Phase and Structure Characterization

Figure 3a–c shows the X-ray diffraction pattern of the carbon fiber felt, felt/silica xerogel,
and SiOC-C/C preform. One main symmetrical diffraction peak at 25.9◦ was observed, which was
assigned to the diffraction plane (002) of the sp2 carbon materials [22,23]. Figure 3d shows the
diffraction pattern of the fiber felt, after the growth of the SiCNWs. It is characterized by the extra four
diffraction peaks, in comparison to the other samples. Intensities of the main peaks at 35.7◦, 60.1◦,
and 71.2◦ all match the 3C-SiC nanowires (JCPDS Card no. 29-1129) which were attributed to the
diffraction of the <beta>-SiC (111), (220), and (311) planes [24]. Additionally, the low-intensity peak
(SF) at 33.48◦ on the left shoulder of (111) peak was typically observed in the XRD spectra of the 3C-SiC
nanowires, which was usually ascribed to stacking faults within the crystals [25].

Figure 3. X-ray diffraction patterns for composites at different stages: (a) The carbon felt, (b) felt/silica
xerogel, (c) SiOC-C/C preform, and (d) SiCNW-C/C perform.

Typical Raman spectra of specimens at different stages are shown in Figure 4. There were four
spectra of different stage samples which contained: Carbon felt (a), felt/silica xerogel (b), the SiOC-C/C
preform (c), and (d) the SiCNW-C/C preform. The bands located near 1340 cm−1 (D band), 1580 cm−1

(G band), 2690cm−1 (2D band), and 2930 cm−1 (D+G band) can be clearly observed in the four spectra.
According to previous research [26,27], the peak at 1340 cm−1 and 1580 cm−1 are usually associated
with in-plane vibrations and in all sp2 bonded carbon atoms. The weak peak near 2690 cm−1 was due
to the overtone of the D band and the broad peak, at about 2930 cm−1, was attributed to the sum of the
D and G bands. A peak at around 790 cm−1 and a broad peak from 914–970 cm−1 were observed in
Figure 4d, which were attributed to the zone center transverse optical (TO) phonon modes and the
longitudinal optic (LO) phonon mode of the 3C-SiC nanowires [28]. We noted that the LO (G) phonon
line showed a low number compared to other SiC materials [29,30]. One possible reason for this
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broadening was the size confinement effect: When the size of a crystal is reduced to a nano scale—such
as in nanowires—phonons can be confined in the space by crystal boundaries or defects. As it is the
reactive material source of SiC, SiO2 may also have led to a widening of the Raman signals [31].

Figure 4. Raman spectra for composites at different stages: (a) The carbon felt, (b) felt/silica xerogel,
(c) SiOC-C/C preform, and (d) SiCNW-C/C perform.

3.3. Reactivity of SiCNWs

On the basis of the experimental results above, we propose a possible mechanism for the
sol-gel process, the CVI reaction process, and the heat treatment process, shown in Scheme 1. In the
sol-gel process, TEOS was firstly hydrolyzed into silanol (Reaction 1), then two silanol molecules lost
one H2O molecule due to an elimination reaction (Reaction 2) [32,33]. Finally, (SiO4)x could be obtained
because of the interaction between the silanol molecules (Reaction 3). In the CVI reaction process,
C vapor was obtained from decomposing CH4, as indicated in Reaction 4. When the C vapor seeped
into the porous (SiO4)x, Reactions 5, 6, 7, and 8 could occur, from the view point of thermodynamics.
After that, the cross-linking reactions [34] between products of SiC4, Si3O, SiC2O2, and SiCO3, reacted.
Finally, the porous SiOC material could be received. As no catalyst was used during the preparing
procedure, no droplets were observed at the tips or over the surfaces of the SiCNWs by the SEM and
TEM characterizations. Therefore, we propose a catalyst-free vs. growth mechanism for the growth
of SiCNWs [25,35,36]. As shown in the heat treatment process, thermal SiOC can readily decompose
into free SiO groups and C (Reaction 10). When the pressure of SiO and C vapor was elevated to
supersaturating conditions, the carbothermal reduction reaction involving two key reactions (Reactions
11 and 12) occurred inside the carbon felt, which led to the growth of SiCNWs. The initial SiC embryos
could be formed by heterogeneous nucleation of the SiO gas with carbon particles, according to
Reaction 11. As SiO and CO deposited on the tip of the growing SiC embryos, growth of SiCNWs
gradually proceeded by the gas-phase reaction (Reaction 12) [23]. Another important aspect was that
the porous characteristic of carbon felt and SiOC not only provided a wide growth space but also
increased the reaction area.

62



Nanomaterials 2018, 8, 894

(1) The sol gel process (the source of Si)

Reaction 1

Reaction 2

Reaction 3

(2) The CVI reaction process (the source of C and the formation of SiOC)

Reaction 4

Reaction 5

Reaction 6

Reaction 7

Reaction 8

Reaction 9

(3) The heat treatment process (the formation of SiCNWs)

Reaction 10

Reaction 11

Reaction 12

Scheme 1. The possible reaction mechanism.
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3.4. Thermal Analysis

TGA (thermo-gravimetric analysis) and SDTA (synchronous differential thermal analysis) curves
of the C/C and SiCNW-C/C composites—shown in Figure 5a,b—were determined to investigate
thermal stability. From Figure 5a, it can be clearly seen that initial oxidation decomposition
temperatures of SiCNW-C/C composites were higher than those of pure C/C, whose oxidation started
at 750 ◦C and ended at 1050 ◦C. Compared with C/C composites, the initial and end temperatures
differed by about 150 ◦C and 90 ◦C. Undecomposed parts of the SiCNW-C/C and C/C composites were
15% and 0%, respectively, meaning C/C composites were nearly completely oxidized and SiCNW-C/C
composites were not. From the SDTA curves, shown in Figure 5b, both C/C and SiCNW-C/C
composites had obvious exothermic peaks, but the heat released from the C/C oxidation reaction was
significantly more than that of the SiCNW-C/C composite. Therefore, the addition of SiCNWs could
decrease the heat of the reaction to some extent.

Figure 5. TGA (thermo-gravimetric analysis) (a) and SDTA (synchronous differential thermal analysis)
(b) curves of the C/C and SiCNW-C/C composite samples.

3.5. Mechanical Properties

As shown in Figure 6 and Table 1, mechanical property tests indicated that SiCNW-C/C
composites had significant improvements, including out-of-plane and in-plane compressive strengths,
as well as interlaminar shear strength (ILSS) of 227%, 109%, and 190%, respectively. Compared with
C/C composites, SiCNW-C/C composites also had 49% and 111% improvements in the out-of-plane
and in-plane compressive moduli.
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Figure 6. Mechanical properties of C/C and SiCNW-C/C composites: (a) Out-of-plane and (b) in-plane
compressive strengths and (c) interlaminar shear strength (ILSS).

Table 1. Mechanical properties testing of C/C and SiCNW-C/C composites.

Samples
Out-Of-Plane
Compression

In-Plane Compression ILSS

σ (MPa) E (GPa) σ (MPa) E (GPa) τ (MPa)

C/C 68.18 2.72 90.84 1.99 11.36
SiCNW-C/C 223.13 4.05 190.06 4.21 32.94

Increment (%) 249.3% 48.9% 109.2% 111.6% 190.0%

3.6. Fracture Surfaces

In order to understand the reinforcement mechanism of C/C composites in in-situ grown SiCNW,
the fracture surfaces of C/C and SiCNW-C/C composites were observed by SEM. Figure 7 shows
the morphology of the fracture surface in C/C and SiCNW-C/C composites after compressive
stress and ILSS. When the compressive stress was loaded on composite samples, the compressive
strength mainly depended on the matrix cohesion [37]. In Figure 7a, the fracture surface of
C/C was characterized by a rough structure accompanying bundles of fiber pull-out. As for
SiCNW-C/C—shown in Figure 7d—the fracture surface was flat and nearly absent. This fracture
surface could be attributed to the strongly enhanced cohesion in the matrix and also the powerful
mechanical interlocking at the F/M and M/M interfaces, which allowed destructive cracks to extend
into and through CFs (carbon fibers), without interfacial debonding (this has been detailed in Figure 8).
In Figure 7b, the fracture surface of the C/C composites showed lots of stepwise fractured pyrolytic
carbon (PyC) and many holes. The zoomed-in area in the top right corner of Figure 7b shows a
step-shaped fracture along the fiber axis. These fracture steps resulted from the annular cracks that
supplied paths for the spreading and linking up of destructive cracks, leading to the formation of
stepwise PyC. There were no obvious stepwise fractures or holes but many SiC nanowires in the
SiCNW-C/C, as shown in Figure 7e, indicating that SiCNWs could efficiently impede the propagation
of destructive cracks along defects of the PyC matrix. When the interlaminar shear stress was loaded
on composite samples, the shear strength mainly depended on both the matrix cohesion and F/M
interfacial bonding strength. In Figure 7c, the smooth and clean fiber surface suggested a serious matrix
delaminating between carbon fibers and the PyC matrix in the C/C composite, implying that primary
fracture behaviors could be attributed to a typical delamination failure, which was similar to the
failure mode observed in the compression test. As for the SiCNW-C/C—shown in Figure 7f—matrix
delaminating was inhibited and many damaged carbon fibers could be observed in the shearing
fracture surface, indicating that the interfacial strength between fibers and matrix was enhanced.
In addition, faulted SiC nanowire can also be seen from the inset of Figure 7f.

SEM investigations—shown in Figure 8—into fracture surfaces of two kinds of composites,
perpendicular to fiber direction, were provided to further explore SiC reinforcing mechanisms.
As shown in Figure 8a, some annular cracks and small crazing (enlarged SEM image inset) could
be detected easily, which implied a poor F/M and M/M interface bonding in C/C composites.
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Compared with C/C, the presence of SiC—shown in Figure 8b—in SiCNW-C/C composites could
effectively repair this crazing and reduce annular cracks. Corresponding EDS spectrums—shown in
Figure 8c,d—could also prove this. According to the analysis above, failure mechanism schematic
modeling of two kinds of composites, during the loading process, was established, as shown by the
inset pictures in the left corner of Figure 8a,b.

Figure 7. SEM images of compressive fractures and ILSS surfaces for the C/C (a–c) and SiCNW-C/C
(d–f) composites.
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Figure 8. SEM images and EDS spectrums of the representative failure specimens from C/C (a,c) and
SiCNW-C/C (b,d) composites, perpendicular to fiber direction.

4. Conclusions

SiCNW-C/C composites were obtained by a combination of sol-gel and chemical vapor infiltration
processes. SiCNWs were in-situ synthesized inside of the C/C composites. No catalyst was introduced
in the whole preparation process, which was environmentally friendly and cost-saving. The initial
oxidation decomposition temperatures of C/C, modified by SiCNWs, was reduced by about 150 ◦C.
Mechanical property tests indicated that there was a significant increase in the out-of-plane and
in-plane compressive strengths, as well as, interlaminar shear strength of the C/C composites. SiCNWs
improved simultaneously the F/M and M/M interfaces. SiCNWs not only efficiently decreased defects
between interfaces, but also prevented crack growth. Hence, this work might open up a possibility to
produce SiC-reinforced C/C composites with excellent mechanical strength, ductility, and toughness
to replace traditional C/C in industries.
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Abstract: The longevity of grouting has a significant effect on the safe and sustainable operation of
many engineering projects. A 500-day experiment was carried out to study the long-term mechanical
behavior of nano silica sol grouting. The nano silica sol was activated with different proportions of a
NaCl catalyst and cured under fluctuating temperature and humidity conditions. The mechanical
parameters of the grout samples were tested using an electrohydraulic uniaxial compression tester
and an improved Vicat instrument. Scanning electron microscope, X-ray diffraction, and ultrasonic
velocity tests were carried out to analyze the strength change micro-mechanism. Tests showed that
as the catalyst dosage in the grout mix is decreased, the curves on the graphs showing changes in
the weight and geometric parameters of the samples over time could be divided into three stages,
a shrinkage stage, a stable stage, and a second shrinkage stage. The catalyst improved the stability
of the samples and reduced moisture loss. Temperature rise was also a driving force for moisture
loss. Uniaxial compressive stress-strain curves for all of the samples were elastoplastic. The curves
for uniaxial compression strength and secant modulus plotted against time could be divided into
three stages. Sample brittleness increased with time and the brittleness index increased with higher
catalyst dosages in the latter part of the curing time. Plastic strength-time curves exhibit allometric
scaling. Curing conditions mainly affect the compactness, and then affect the strength.

Keywords: nano silica sol; long-term mechanical tests; fluctuating temperature-humidity conditions;
micro-mechanism

1. Introduction

Nano silica sol is a kind of grouting material made up of nanometer particles that is highly
transmissive [1]; it has been used in the geotechnical field in recent years [2]. Jurinak [3] developed a
practical fluid-flow control system based on colloidal silica gel for oilfield reservoirs. Persoff et al. [4]
studied permanent barrier systems formed by colloidal silica and polysiloxane for contaminant
isolation. Saito et al. [5] proposed the use of silica sol to maintain overburden stability during shield
tunneling. Butron et al. [6,7] tested the mechanical properties and failure of silica sol used for rock
grouting for periods of up to half a year. Funehag et al. [8–10] designed a grouting procedure for
a tunnel using silica sol. McCartney et al. [11] evaluated the formation of hydraulic barriers for
secondary containment through the permeation of colloidal silica grout. Gallagher et al. [12] studied a
passive site stabilization technique for nondisruptive mitigation of liquefaction risk using colloidal
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silica. Wang et al. [13] used silica sol to seal phreatic pore water and fractured confined groundwater
in the Xiao Jihan Coal Mine, China.

Because nano silica sol is hydrolyzed mineral slurry, both eco-friendly and non-polluting, it has a
promising future for use in underground reservoir storage, CO2 storage, nuclear waste storage, and
for use as a sealant in dams, mines, and other engineered structures.

Although the service lives of geotechnical engineering structures can be very long, abundant data
on the long-term mechanical properties of nano silica sol are still lacking. However, the longevity of
grouting has a significant effect on the safe and sustainable operation of many engineering projects.
For silica sol, the influence of the environment in which the sol cures, and the proportion of catalyst
used on the long-term mechanical properties of the sol are important. Butrón et al. [6] studied the
strength of different batches of silica sol after curing it under different temperatures and relative
humidities for 6 months. However, these experiments were not long enough for many engineering
purposes because the durability of grouting projects is commonly evaluated for three time periods.
These are short-term, one–two months, medium term, two months to one year, and long term, and one
year to three years or longer [14].

For this paper, the environmental conditions used to test nano silica sol curing simulated those
present in an underground coal mine. The periodic variations of temperature and humidity in
the atmosphere on the surface directly affect the microclimate in a mine [15,16]. Influenced by the
temperature fluctuations of the mine airflow, the rock surrounding an underground roadway also
experiences periodic temperature variations. This temperature field can have a radius of up to 30 or
40 m. Owing to high humidity in the return air, evaporation of water, and other causes, a relatively
large number of roadways can experience high humidity for months at a time. To study how the
mechanical properties of nano silica sol mixed with different proportions of catalyst change over the
long term in an environment of fluctuating temperature and humidity, a 500-day test of the nano silica
sol’s mechanical properties was performed. Simultaneously, Scanning electron microscope (SEM),
X-ray diffraction (XRD), and ultrasonic velocity tests were carried out to analyze the strength change
micro-mechanism of samples. The objectives of this work are to evaluate the long-term stability of
silica gel and the further measures can be taken to prolong the stability based on the study.

2. Materials and Methods

2.1. Materials

Silica sol is a stable liquid containing individual silica particles 8–12 nm in diameter [17]. The silica
sol used for this study was provided by BASF HOCK Mining Chemical (China) Company Limited
(Jining, China). Silica sol has an electric double layer structure, as shown in Figure 1. When ionic
sodium is added, the electric double layer becomes thinner and the silica particles connect to form
a gel. Some of the physical and chemical parameters [2,17] of the silica sol and NaCl catalyst are
listed in Table 1. Gel time of silica sol to catalyst of 4:1, 7:1, and 9:1 (by volume) is 10 min, 2.67 h, and
9.33 h, respectively.

Table 1. Basic parameters of the hydrolyzed silica sol and catalyst used in this study.

Properties Silica Sol Catalyst

Viscosity ~10 mPa·s ~1 mPa·s
Density 1.1 kg/L 1.07 kg/L

pH 10 7
Concentration (% by weight) SiO2 15% NaCl 10%
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Figure 1. Electric double layer structure of nano silica sol.

2.2. Sample Preparation and Curing Conditions

The samples to be cured are prepared with volumetric proportions of silica sol to catalyst of 4:1,
7:1, and 9:1. The silica sol and catalyst are blended at a mixing speed of 100 revolutions per minute
for 90 s utilizing RW 20 digital overhead stirrer (IKA® Works Guangzhou, Guangzhou, China). The
mixture is poured into a mold, a 100 mm long transparent acrylic tube with an inner diameter of
50 mm. The next day, the samples are unmolded and are put into purpose-made curing boxes.

The curing boxes are designed to simulate the temperature and humidity of the rock surrounding
a roadway, mimicking the high humidity and periodic temperature fluctuations in an underground
mine. Water is poured into the bottom of each curing box and is replenished regularly to ensure a water
depth of 5 mm. A foam board is immersed in the water and the samples are placed on the foam board.
The temperature of the curing boxes is in natural state of a lab. An RC-4HC temperature-humidity
recorder (Hangzhou SinoMeasure Automation technology Co., Ltd., Hangzhou, China) is used to
monitor and record the temperature and relative humidity in the curing box. A schematic diagram of
the samples, the temperature-humidity recorder, and a curing box is shown in Figure 2.

Foam board
Tap-water

Samples

Ultra-low
temperature
probe

RC-4HC temperature-humidity recorder Curing box

50 mm

10
0 

m
m

 

Figure 2. Schematic diagram of the samples, temperature-humidity recorder, and curing box used for
this study. Water is added every month to maintain the depth of the water layer at 5 mm.

The samples were prepared on 29 April 2016. Temperature and relative humidity data from the
preparation date to 11 September 2017 (500 days) are shown in Figure 3.

The temperature and humidity fluctuated over both long and short periods. For the short period
fluctuations, the temperature changes are opposite those in the relative humidity. Overall, the relative
humidity was maintained at 50–95% and humidity was relatively high, 70–90%, most of the time. The
experiment was performed in Xuzhou City, lat 34.26◦ N long 117.20◦ E. The average daily temperature
there is lower between November and February and higher between June and September. For the time
intervals 0–150 days and 400–500 days of the test, the average daily temperature is usually higher than
20 ◦C; for the interval 200–400 days, the temperature is usually lower than 20 ◦C.
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Figure 3. Temperature and relative humidity in the curing boxes between 29 April 2016 and
11 September 2017 (500 days). The temperature and humidity data show both long- and short-period
fluctuations. The relative humidity was maintained at 50–95% and for much of the time was between
70% and 90%.

2.3. Testing Methods

The samples are weighed regularly on a precise electronic balance, the diameter and height
measured with a vernier caliper, and the sample volumes calculated. The uniaxial compression strength
(UCS), peak strain, secant modulus E50, pre-peak absorption strain energy density (PASED), and other
indexes are obtained regularly by uniaxial compression tests using a UTM5504 electrohydraulic servo
test machine (Shenzhen Suns Technology Stock Co., Ltd., Shenzhen, China).

UCS and peak strain reflect the ability to resist damage; PASED is the internal force that causes
sudden failure of a material. E50 is the ratio of the stress at one-half of the UCS to the corresponding
strain. The ratio of UCS to peak strain is denoted as Ep. E50, and Ep both reflect the ability of a material
to resist deformation. Nonlinear elasticity is expressed by the elastic modulus gradient, (E50 − Ep)/E50).
The ratio of strain energy density before and after peak stress defines the brittleness of the material.
This ratio is called the brittleness index.

The ultimate shear stress (also known as plastic strength) of the grouting concretion was measured
with an improved Vicat instrument (Beijing, China). Plastic strength, Ps, can be determined according
to the equilibrium force relationships shown in Figure 3. The value of Ps can be calculated from
Equation (1) [7,18]:

Ps =
G cos2 α

2 cot α
2

π × h2 (1)

where Ps is the plastic strength of the grouting concretion during the solidification of the slurry, G is
the total weight of the Vicat cone, α is the conical vertex angle, and h is the cone penetration depth.

3. Results

As shown in Figure 4, overall, the weight- and geometric parameter-time curves can be divided
into three stages, a shrinkage stage, a stable stage, and a second shrinkage stage. Note that the three
stages are more pronounced the lower the amount of catalyst used in the grout (or the higher the sol:
catalyst ratio). In the first shrinkage stage, the weight, height, diameter, and volume of the sample
decrease approximately linearly. The catalyst can apparently decrease the shrinkage rate and prolong
the shrinkage stage. The graphs in Figure 4 also show that the catalyst enhances the stability of the
samples and reduces moisture loss. In the stable stage, the weight and the geometric parameters
remain almost unchanged. Because the stable stage takes place in the winter (Figure 2), the temperature
is mainly around 8 ◦C and the lower temperature inhibits the sublimation of moisture. The smaller
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the amount of catalyst, the lower the stability. During the second shrinkage stage, the temperature
has increased to 20–25 ◦C, enhancing moisture loss. During this stage, the weight and height of 4:1
samples decrease slightly, although the volume and diameter increases slightly. In general, the weight
and geometric parameters for the 4:1 samples remain almost unchanged. The 7:1 and 9:1 samples,
however, begin to shrink again although the shrinkage rate is slightly slower than during the first
shrinkage stage.
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Figure 4. Graphs showing weight and geometric parameters vs. time for samples with different silica
sol:catalyst ratios. (a) Residual weight; (b) Residual height; (c) Residual diameter; (d) Residual volume.
The curves can be divided into three stages and the graphs show that the lower the amount of catalyst,
the more pronounced the stages.

Figure 5 shows that the uniaxial compressive stress-strain curves for samples with all three silica
sol:catalyst ratios are elastoplastic no matter the sample’s age. The deformation can be divided into
four phases. These are (1) a compaction phase at strains of 0% to 1%. The deduction is that the weight
and volume decrease causing internal micropores to be generated and the micropores are then closed
by the external forces. (2) An elastic phase during which the stress strain curve is approximately linear.
This phase endures over a great range of strain percentages. (3) A plastic phase during which a crack
is initiated in the sample and rapidly develops. The crack propagates and the sample is damaged by
I-shaped tensile fracture. This stage is relatively short. (4) The post-peak stress phase, the sample is
suddenly broken into pieces and flies apart almost instantaneously.
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Figure 5. Uniaxial compressive stress-strain curves for samples with different proportions of silica sol
and catalyst at three different times during the course of the experiment. The curves show that all the
samples behaved as elastoplastic solids.

As shown in Figures 6 and 7, the way in which UCS and E50 change over time are similar, although
the magnitudes of the changes are different. The curves can be divided into three stages, an ascending
stage, a descending stage, and a second ascending stage. In the first ascending stage, the first 150 days,
UCS and E50 increase. In the descending stage, from around day 150 to days 200–230, UCS and E50

gradually drop. In the second ascending stage, UCS and E50 have increased since the 200–230-day
time and the rate of increase is higher than that during the first ascending stage. The curves also show
that more catalyst causes UCS and E50 to reach higher values.

The samples’ peak strain changed little with age and remained in the 4–8% range, only two
percentage points above or below the average peak strain of 6%. This indicates that the samples could
undergo significant deformation before they failed. The amount of catalyst also had little effect on
peak strain.

Nonlinear elasticity of samples with different proportions of catalyst was between 0% and
18%, with an average of 8%. The results show that, before failure, the samples behave as linear
elastic materials.

As shown in Figure 8, before day 400, the PASED curves are W-shaped and are basically unaffected
by the amount of catalyst. The two troughs are around day 75 and day 230 and the peak is around
day 125. After day 400, however, PASED increases rapidly and the effect of the amount of catalyst on
PASED becomes significant. Higher silica sol:catalyst ratios cause PASED to increase to higher values,
and the rate of increase is more rapid.
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As illustrated by Figure 8b, before 400 days of curing, the brittleness index of the samples was
essentially unchanged with an average value of 12.40, a high brittleness. The sol:catalyst ratio had
almost no influence on the brittleness index. However after 400 days of curing, the greater the amount
of catalyst used in the grout mixture, the higher the brittleness index.
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Figure 6. Uniaxial compression strength and peak strain vs. time curves for samples with different
proportions of silica sol and catalyst. (a) UCS curves. The curves can be divided into an ascending
stage, a descending stage, and a second ascending stage; (b) Peak strain curves. Note that the sample’s
age and the proportion of catalyst have little effect on the peak strain.
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Figure 7. Secant modulus (E50) and elastic modulus gradient vs. time curves for samples with different
proportions of silica sol and catalyst. (a) E50 curves. The curves can be divided into an ascending stage,
a descending stage, and a second ascending stage; (b) Nonlinear elasticity curves. Throughout the
course of the experiment, the nonlinear elasticity remains low. Before failure, the samples behave as
linear elastic materials.
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Figure 8. Graphs showing pre-peak absorption strain energy density (PASED) and brittleness index
curves vs. time for samples with different silica sol:catalyst ratios. (a) PASED. The curves are
W-shaped prior to 400 days. After 400 days, higher catalyst ratios result in significantly higher
PASED; (b) Brittleness index. Samples with different silica sol:catalyst ratios have similar brittleness
indexes before 400 days but after 400 days, samples with more catalyst have higher brittleness indexes.

As shown in Figure 9, the plastic strength-time curves for samples with different proportions of
silica sol and catalyst exhibit allometric scaling. The equation for the line fit to the data in Figure 9 is
shown below as Equation (2):

Ps = 22.444t0.452 (2)

where, Ps is the plastic strength; t is the age.
Before 400 days, the effect of catalyst dosage on the grout’s plastic strength is not clear. After

400 days, the less the amount of catalyst used, the greater the grout concretion’s plastic strength.
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Figure 9. Plastic strength-time curves for samples with different proportions of silica sol and catalyst.
The curves show allometric scaling for plastic strength.

4. Discussion

4.1. Weight- and Geometric Parameter-Time Law

The difference between this study and the study done by Axelsson (2006) is that in Axelsson’s
experiments, the curing temperature was 8 ◦C, and the samples were cured under three controlled
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relative humidities, 75, 95, and 100%. Axelsson’s 180-day experiments showed that the greater the
relative humidity, the less the drying shrinkage and that shrinkage tended to stabilize by day 180. In the
experiment done for this paper, the relative humidity for the first 180 of the 500 days concentrated in
the 70–90% range, and the temperature was usually between 20 and 30 ◦C. The drying shrinkage for
our samples during this time is similar to that of Axelsson’s samples and the shrinkage also tends to
stabilize at about day 180. In addition, as shown in Figure 4, less catalyst in the grout mix results in
higher shrinkage. These results show that 180 days may be the curing time needed for initial drying
shrinkage stability under high relative humidity (greater than 70%) and either normal (20–30 ◦C) or low
(8 ◦C) temperatures. In Xuzhou City, where this study was conducted, the 200–300-day study interval
was in the winter (November to February, Figure 2) and the average high temperature was about 8
◦C. These temperatures essentially extended Axelsson’s (2006) experiment. In the 200–300-day period,
the weight, height, diameter, and volume of the samples were fairly stable and this also indicates that
180 days might be the curing time for initial drying shrinkage stability. In this study’s second shrinkage
stage, temperature was back up to the 20–30 ◦C range, reactivating moisture loss. Temperature rise is a
driving force for moisture loss.

4.2. Strength- and Secant Modulus-Time Law and Micro-Mechanism

Butrón et al. (2009) showed that the strength of silica sol grout increased over time in 180-day
experiments. As illustrated in Figures 6 and 7, the values for UCS and secant modulus from samples
in this study can be divided into an ascending stage, a descending stage, and a second ascending
stage. The first ascending stage results are similar to Butrón et al.’s (2009) experimental results. The
Butrón experiments also showed that samples that were cured for the same amount of time have
greater strength when cured at higher temperatures under lower relative humidities. For the samples
tested by this study, the weight and geometric parameters of the samples remained about the same
in the descending stage, but in this study, the temperature decreased significantly and the relative
humidity increased slightly. This suggests that the descending stage in this experiment was caused by
the combined effects of temperature and humidity. In this study’s second ascending stage, temperature
increased, relative humidity decreased slightly, and UCS and the secant modulus increased. The
brittleness index also increased.

At the same time of mechanical tests, microstructure, crystal characteristics and compactionness
experiments were carried out to analyze the strength change micro-mechanism of samples. As shown
in Figure 10, the microstructure properties of samples were inspected with a FEI Quanta™ 250 scanning
electron microscope (SEM) (Hillsboro, OR, USA). There are few pores in the initial stage, and there is
no pore on the surface of the intermediate and later samples. Only a small number of irregular particles
adhere to the surface of the sample. As shown in Figure 11, D8 Advance X-ray diffraction (XRD)
(Bruker Corporation, Karlsruhe, Germany) showed that the crystal structure of samples are basically
unchanged. As shown in Figure 12, C61 Ultrasonic Non-metal Detector (Sinotesting Technology,
Beijing, China) showed that ultrasonic velocity-time curves for samples are similar to UCS curves. The
ultrasonic velocity represents the compactionness. These indicate that the curing conditions mainly
affect the compactness, and then affect the strength.

78



Nanomaterials 2018, 8, 46

 
(a) (b) (c) 

Figure 10. Scanning electron microscope (SEM) results for samples at three different times during the
course of the experiment. (a) 2 d; (b) 206 d; (c) 500 d. The magnification of all is 250 times.
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Figure 11. X-ray diffraction (XRD) results for samples with different proportions of silica sol and
catalyst at three different times during the course of the experiment.
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Figure 12. Ultrasonic velocity-time curves for samples with different proportions of silica sol
and catalyst.
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4.3. Plastic Strength-Time Law

When the Vicat cone is in static equilibrium, the calculated plastic strength includes shear strength
from the grouting concretion on the sides of the cone and the grouting concretion’s compressive
strength. Therefore, the plastic strength should be slightly larger than the unconfined compressive
strength. This study also proves this relationship. The study also shows that as curing time increases,
the plastic strength scales allometrically.

5. Conclusions

To study the long-term mechanical behavior of nano silica sol grout prepared with different
proportions of catalyst in an environment of fluctuating temperature and humidity, a 500-day
experiment has been carried out. Simultaneously, SEM, XRD, and ultrasonic velocity tests were
carried out to analyze the strength change micro-mechanism of samples. The main conclusions from
this experiment are:

(1) The temperature and humidity fluctuate over both long and short periods. As the dosage of
catalyst in the grout mix is decreased, the curves showing the changes in sample weight and
sample width, height, and volume over time can be divided into three stages, a shrinkage stage,
a stable stage, and a second shrinkage stage. Higher amounts of catalyst improve the stability of
the samples and reduce moisture loss. Temperature rise is also a driving force for moisture loss.

(2) The uniaxial compressive stress-strain curves all show that the samples are elastoplastic. The
deformation can be divided into four phases, a compaction phase, an elastic phase, a plastic
phase, and a post-peak stress phase. The curves for the uniaxial compression strength and
the secant modulus can be divided into an ascending stage, a descending stage, and a second
ascending stage. Peak strain for the samples changed little with curing time. The PASED-time
curves are W-shaped and are essentially unaffected by the amount of catalyst prior to 400 days.
After 400 days, higher catalyst ratios increase the PASED values significantly. Sample brittleness
increases with time and in the later stages of the experiment, the brittleness index increases with
higher catalyst dosages.

(3) Plastic strength-time curves for samples with different proportions of catalyst exhibit allometric
scaling. A consistent effect of catalyst dosage on plastic strength is not apparent prior to 400 days
of curing but after 400 days, it is clear that when the grout mix contains less catalyst, the plastic
strength of the grout is greater.

(4) The surfaces of samples are smooth and compact at different ages, substantially unchanging.
The crystal structure of samples are basically unchanged. Ultrasonic velocity-time curves for
samples are similar to UCS curves. These indicate that the curing conditions mainly affect the
compactness, and then affect the strength.
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