
Microstructure 
and Mechanical 
Properties of 
Structural Metals 
and Alloys

Andrey Belyakov

www.mdpi.com/journal/metals

Edited by

Printed Edition of the Special Issue Published in Metals



Microstructure and Mechanical 
Properties of Structural Metals 
and Alloys





Microstructure and Mechanical 
Properties of Structural Metals 
and Alloys

Special Issue Editor

Andrey Belyakov

MDPI • Basel • Beijing • Wuhan • Barcelona • Belgrade



Special Issue Editor

Andrey Belyakov

Belgorod National Research University

Russia

Editorial Office

MDPI

St. Alban-Anlage 66

4052 Basel, Switzerland

This is a reprint of articles from the Special Issue published online in the open access journal Metals

(ISSN 2075-4701) from 2017 to 2018 (available at: https://www.mdpi.com/journal/metals/special

issues/microstructural metals alloys)

For citation purposes, cite each article independently as indicated on the article page online and as

indicated below:

LastName, A.A.; LastName, B.B.; LastName, C.C. Article Title. Journal Name Year, Article Number,

Page Range.

ISBN 978-3-03897-505-2 (Pbk)

ISBN 978-3-03897-506-9 (PDF)

Cover image courtesy of Andrey Belyakov.

c© 2018 by the authors. Articles in this book are Open Access and distributed under the Creative

Commons Attribution (CC BY) license, which allows users to download, copy and build upon

published articles, as long as the author and publisher are properly credited, which ensures maximum

dissemination and a wider impact of our publications.

The book as a whole is distributed by MDPI under the terms and conditions of the Creative Commons

license CC BY-NC-ND.



Contents

About the Special Issue Editor . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . ix

Andrey Belyakov

Microstructure and Mechanical Properties of Structural Metals and Alloys
Reprinted from: Metals 2018, 8, 676, doi:10.3390/met8090676 . . . . . . . . . . . . . . . . . . . . . 1

Chaojie Che, Zhongyi Cai, Liren Cheng, Fanxing Meng and Zhen Yang

The Microstructures and Tensile Properties of As-Extruded Mg–4Sm–xZn–0.5Zr
(x = 0, 1, 2, 3, 4 wt %) Alloys
Reprinted from: Metals 2017, 7, 281, doi:10.3390/met7070281 . . . . . . . . . . . . . . . . . . . . . 4

Gang Niu, Huibin Wu, Da Zhang, Na Gong and Di Tang

Study on Microstructure and Properties of Bimodal Structured Ultrafine-Grained Ferrite Steel
Reprinted from: Metals 2017, 7, 316, doi:10.3390/met7080316 . . . . . . . . . . . . . . . . . . . . . 19

Olivia D. Underwood, Jonathan D. Madison and Gregory B. Thompson

Emergence and Progression of Abnormal Grain Growth in Minimally Strained Nickel-200
Reprinted from: Metals 2017, 7, 334, doi:10.3390/met7090334 . . . . . . . . . . . . . . . . . . . . . 32

Kai Li and Ping Yang

The Formation of Strong {100} Texture by Dynamic Strain-Induced Boundary Migration in Hot
Compressed Ti-5Al-5Mo-5V-1Cr-1Fe Alloy
Reprinted from: Metals 2017, 7, 412, doi:10.3390/met7100412 . . . . . . . . . . . . . . . . . . . . . 42

Sergey Zherebtsov, Maxim Ozerov, Nikita Stepanov, Margarita Klimova and 
Yulia Ivanisenko

Effect of High-Pressure Torsion on Structure and Microhardness of Ti/TiB 
Metal–Matrix Composite
Reprinted from: Metals 2017, 7, 507, doi:10.3390/met7110507 . . . . . . . . . . . . . . . . . . . . . 50

Hui Wang, Haiyou Huang and Jianxin Xie

Effects of Strain Rate and Measuring Temperature on the Elastocaloric Cooling in a
Columnar-Grained Cu71Al17.5Mn11.5 Shape Memory Alloy
Reprinted from: Metals 2017, 7, 527, doi:10.3390/met7120527 . . . . . . . . . . . . . . . . . . . . . 62

Alexander Kalinenko, Pavel Kusakin, Andrey Belyakov, Rustam Kaibyshev and 
Dmitri A. Molodov

Microstructure and Mechanical Properties of a High-Mn TWIP Steel Subjected to Cold Rolling 
and Annealing
Reprinted from: Metals 2017, 7, 571, doi:10.3390/met7120571 . . . . . . . . . . . . . . . . . . . . . 72

Tae-Hoon Nam, Eunsol An, Byung Jun Kim, Sunmi Shin, Won-Seok Ko, Nokeun Park,

Namhyun Kang and Jong Bae Jeon

Effect of Post Weld Heat Treatment on the Microstructure and Mechanical Properties of a
Submerged-Arc-Welded 304 Stainless Steel
Reprinted from: Metals 2018, 8, 26, doi:10.3390/met8010026 . . . . . . . . . . . . . . . . . . . . . . 84

Sergey Zherebtsov, Nikita Stepanov, Yulia Ivanisenko, Dmitry Shaysultanov, 
Nikita Yurchenko, Margarita Klimova and Gennady Salishchev

Evolution of Microstructure and Mechanical Properties of a CoCrFeMnNi High-Entropy Alloy 
during High-Pressure Torsion at Room and Cryogenic Temperatures
Reprinted from: Metals 2018, 8, 123, doi:10.3390/met8020123 . . . . . . . . . . . . . . . . . . . . . 97

v



Xia Liu, Zhipeng Cai, Sida Yang, Kai Feng and Zhuguo Li

Characterization on the Microstructure Evolution and Toughness of TIG Weld Metal of
25Cr2Ni2MoV Steel after Post Weld Heat Treatment
Reprinted from: Metals 2018, 8, 160, doi:10.3390/met8030160 . . . . . . . . . . . . . . . . . . . . . 110

Xiaobo Chen, Feng Jiang, Jingyu Jiang, Pian Xu, Mengmeng Tong and Zhongqin Tang

Precipitation, Recrystallization, and Evolution of Annealing Twins in a Cu-Cr-Zr Alloy
Reprinted from: Metals 2018, 8, 227, doi:10.3390/met8040227 . . . . . . . . . . . . . . . . . . . . . 121

Vladimir Torganchuk, Aleksandr M. Glezer, Andrey Belyakov and Rustam Kaibyshev

Deformation Behavior of High-Mn TWIP Steels Processed by Warm-to-Hot Working
Reprinted from: Metals 2018, 8, 415, doi:10.3390/met8060415 . . . . . . . . . . . . . . . . . . . . . 136

Anna Morozova, Anna Mogucheva, Dmitriy Bukin, Olga Lukianova, Natalya Korotkova,

Nikolay Belov and Rustam Kaibyshev

Effect of Si and Zr on the Microstructure and Properties of Al-Fe-Si-Zr Alloys
Reprinted from: Metals 2017, 7, 495, doi:10.3390/met7110495 . . . . . . . . . . . . . . . . . . . . . 146

Yujin Park, Jung-Hwan Bang, Chul Min Oh, Won Sik Hong and Namhyun Kang

The Effect of Eutectic Structure on the Creep Properties of Sn-3.0Ag-0.5Cu and
Sn-8.0Sb-3.0Ag Solders
Reprinted from: Metals 2017, 7, 540, doi:10.3390/met7120540 . . . . . . . . . . . . . . . . . . . . . 158

Alexandra Fedoseeva, Nadezhda Dudova, Rustam Kaibyshev and Andrey Belyakov

Effect of Tungsten on Creep Behavior of 9%Cr–3%Co Martensitic Steels
Reprinted from: Metals 2017, 7, 573, doi:10.3390/met7120573 . . . . . . . . . . . . . . . . . . . . . 170

Rensheng Chu, Yong Fan, Zhanjun Li, Jingang Liu, Na Yin and Ning Hao

Study on the Control of Rare Earth Metals and Their Behaviors in the Industrial Practical
Production of Q420q Structural Bridge Steel Plate
Reprinted from: Metals 2018, 8, 240, doi:10.3390/met8040240 . . . . . . . . . . . . . . . . . . . . . 185

Pan Ma, Yandong Jia, Prashanth Konda Gokuldoss, Zhishui Yu, Shanglei Yang, Jian Zhao

and Chonggui Li

Effect of Al2O3 Nanoparticles as Reinforcement on the Tensile Behavior of Al-12Si Composites
Reprinted from: Metals 2017, 7, 359, doi:10.3390/met7090359 . . . . . . . . . . . . . . . . . . . . . 195

Hong He, Long Zhang, Shikang Li, Xiaodong Wu, Hui Zhang and Luoxing Li

Precipitation Stages and Reaction Kinetics of AlMgSi Alloys during the Artificial Aging Process
Monitored by In-Situ Electrical Resistivity Measurement Method
Reprinted from: Metals 2018, 8, 39, doi:10.3390/met8010039 . . . . . . . . . . . . . . . . . . . . . . 206

Zheng Yang, Shuoxue Jin, Ligang Song, Weiping Zhang, Li You and Liping Guo

Dissolution of M23C6 and New Phase Re-Precipitation in Fe Ion-Irradiated RAFM Steel
Reprinted from: Metals 2018, 8, 349, doi:10.3390/met8050349 . . . . . . . . . . . . . . . . . . . . . 218

Maider Muro, Garikoitz Artola, Anton Gorriño and Carlos Angulo

Effect of the Martensitic Transformation on the Stamping Force and Cycle Time of Hot
Stamping Parts
Reprinted from: Metals 2018, 8, 385, doi:10.3390/met8060385 . . . . . . . . . . . . . . . . . . . . . 226

vi



Christian Oen Paulsen, Runar Larsen Broks, Morten Karlsen, Jarle Hjelen and 
Ida Westermann

Microstructure Evolution in Super Duplex Stainless Steels Containing σ-Phase Investigated at 
Low-Temperature Using In Situ SEM/EBSD Tensile Testing
Reprinted from: Metals 2018, 8, 478, doi:10.3390/met8070478 . . . . . . . . . . . . . . . . . . . . . 239

Qingshan Li, Yinzhong Shen, Jun Zhu, Xi Huang and Zhongxia Shang

Evaluation of Irradiation Hardening of P92 Steel under Ar Ion Irradiation
Reprinted from: Metals 2018, 8, 94, doi:10.3390/met8020094 . . . . . . . . . . . . . . . . . . . . . . 252

vii





About the Special Issue Editor

Andrey Belyakov (Ph.D., D.Sc.) has been a Leading Research Associate at the Laboratory

of Mechanical Properties of Nanostructured Materials and Superalloys, Belgorod National

Research University, Belgorod, Russia, since 2007, after several years of research at Ufa State

Aviation Technical University, Institute for Metals Superplasticity Problems (Ufa), University of

Electro-Communications (UEC, Tokyo), National Institute for Materials Science (NIMS, Tsukuba),

and Tokyo Institute of Technology. His research interests are mainly focused on the mechanisms of

microstructural changes in various metallic materials subjected to large-strain plastic deformation,

including hot and cold working as well as heat treatments. His scientific expertise comprises

deformation behavior and microstructure evolution including static, dynamic, and post-dynamic

recrystallization. At the moment, he is the Editorial Board member of both journals Materials and

Metals. To date, he has published (co-authored) over 200 articles in scientific journals and conference

proceedings, with over 2500 citations, h-index: 30.

ix





metals

Editorial

Microstructure and Mechanical Properties of
Structural Metals and Alloys

Andrey Belyakov

Laboratory of Mechanical Properties of Nanostructured Materials and Superalloys, Belgorod State University,
Belgorod, 308015, Russia; belyakov@bsu.edu.ru; Tel.: +7-4722-585457

Received: 27 August 2018; Accepted: 28 August 2018; Published: 29 August 2018

1. Introduction and Scope

Mechanical properties of polycrystalline structural metals and alloys are significantly affected
by their microstructures including phase content, grain/subgrain sizes, grain boundary distribution,
dispersed particles, dislocation density, etc. The development of metallic materials with desired
structural state results in beneficial combinations of mechanical properties. Specific alloying designs
along with a wide variety of thermal, deformation, and many other treatments are used to produce
metallic semi-products with favorable microstructures in order to achieve the required properties.
Therefore, the studies on structure–property relationships are of a great practical importance. The aim
of this special issue is to present the latest achievements in theoretical and experimental investigations
of mechanisms of microstructural changes/evolutions in various metallic materials subjected to
different processing methods and their effect on mechanical properties.

2. Contributions

The present special issue on the microstructure and mechanical properties of structural metals
and alloys collects papers dealing with various aspects of microstructure–property relationships
of advanced structural steels and alloys including commercial and novel materials. A total of 22
papers cover a ranger of structural metals and alloys. The major portion of these papers is focused
on the mechanisms of microstructure evolution and the mechanical properties of metallic materials
subjected to various thermo-mechanical, deformation, or heat treatments [1–12]. Another large portion
of the studies is aimed on the elaboration of alloying design of advanced steels and alloys [13–16].
The changes in phase content, transformation, and particle precipitation and their effect on the
properties are also broadly presented in this collection [17–21]. In two papers [19,22], particular
emphasis is placed on the microstructure/property changes caused by irradiation.

Those readers interested in structural steels may learn much from comprehensive investigations
of microstructural changes and their effect on mechanical properties caused by plastic working and
heat treatment of diverse steel types [2,7,8,10,12,15,16,19–22]. Two of these papers [7,12] present
experimental/simulation results of mechanical behavior of high-Mn TWIP steels, which have recently
aroused a great interest among material scientists and engineers because of outstanding strength–
ductility combination inherent in such steels. Some crucial features of structure–property relations are
detailed for advanced heat resistant [10,15,19,22] and stainless [8,21] steels. Materials scientists working
with aluminum alloys may find many interesting results for dispersion strengthening, including
processing, structural/precipitation analysis, and mechanical testing [13,17,18]. As a guest editor,
I have the pleasure to note that present collection is not limited to such frequently used materials like
steel and aluminum alloys. Interested readers will find attractive reports on magnesium [1], nickel [3],
titanium [4,5], copper [6,11], and tin [14] alloys. Those who are interested in innovative materials,
and their processing and applications, are suggested to take a good look at Ti/TiB metal-matrix
composite [5] and high-entropy alloys [9]. The great diversity of materials, which are presented in this
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special issue, involves various techniques of their production. Worthy of mention are severe plastic
deformation [5,9] and welding [8,10] as topics of quickened interest. As a guest editor, I sincerely
believe that every reader among materials scientists will find interesting and useful information in the
present special issue.

3. Conclusions and Outlook

The papers collected in this special issue clearly reflect the modern research trends in materials
science. These fields of specific attention are high-Mn TWIP steels, high-Cr heat resistant steels,
aluminum alloys, ultrafine grained materials including those developed by severe plastic deformation,
and high-entropy alloys. In spite of great effort in the development of advanced structural metals and
alloys, these topics deserve further comprehensive investigations. The engineering and technology
progress is closely related with the development of new structural materials with improved mechanical
properties. This requires deep knowledge of mechanisms and regularities of microstructural changes
during processing and exploitation, as well as clear understanding of microstructure–property
relationships. No doubt, structural materials will continuously attract a great interest among materials
scientists and engineers.

As a guest editor, I would like to thank all the authors for their valuable contribution to the
present special issue; special thanks to the Metals editorial team, in particular to Ms. Hollie Huang, for
their assistance and support during the preparation of this special issue.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: The microstructures and tensile properties of as-cast and as-extruded Mg–4Sm–xZn–0.5Zr
(x = 0, 1, 2, 3, 4 wt %) alloys were systematically investigated by optical microscope, X-ray diffractometer
(XRD), scanning electron microscope (SEM) and transmission electron microscope (TEM). Numerous
nanoscale dynamic precipitates could be observed in the as-extruded alloys containing high content of
Zn, and the nanoscale particles were termed as (Mg,Zn)3Sm phase. Some basal disc-like precipitates
were observed in as-extruded Mg–4Sm–4Zn–0.5Zr alloy, which were proposed to have a hexagonal
structure with a = 0.556 nm. The dynamic precipitates effectively pinned the motions of DRXed
(dynamic recrystallized) grain boundaries leading to an obvious reduction of DRXed grain size, and
the tensile yield strength of as-extruded alloy was improved. The as-extruded Mg–4Sm–4Zn–0.5Zr
alloy exhibits the best comprehensive mechanical properties at room temperature among all the
alloys, and the yield strength, ultimate tensile strength and elongation are about 246 MPa, 273 MPa
and 21% respectively.

Keywords: Mg–Sm–Zn–Zr; dynamic precipitation; microstructure; mechanical property

1. Introduction

Magnesium and its alloys have great potential use in the fields of automobile and aerospace due
to their low density, good machinability, excellent specific strength and stiffness [1–3]. Rare earth
(RE) metals have been proved to play an important role in improving mechanical properties of Mg
alloys [4]. There has been a great deal of research on 1Mg–Y [5–8], Mg–Gd [9–13] and Mg–Nd [14]
alloys, and some of the alloys exhibit good mechanical properties at elevated temperature. As one of
the light rare earth elements, Sm has a maximum solubility of about 5.8 wt %, which even is higher
than that of Nd (3.6 wt %) in solid Mg. Moreover, the market price of Sm is much cheaper than that of
Nd and Y [15]. It is, therefore, meaningful to produce low-price, heat-resistant Mg–Sm alloys with
proper mechanical properties to compete with traditional Mg–RE alloys [16–18].

Recently, some investigations about Mg–Sm–Zn alloys have been carried out. Yuan and Zheng
have investigated the microstructures and mechanical properties of Mg–3Sm–0.5Gd–xZn–0.5Zr
(x = 0, 0.3, 0.6) alloys [19], and prismatic precipitates (base-centered orthorhombic, a = 0.64 nm,
b = 2.223 nm, c = 0.521 nm) and basal precipitate γ′ (MgZnRE-containing, plate-shaped, hexagonal,
a = 0.55 nm, c = 0.52 nm) have been observed in peak-aged Mg–3Sm–0.5Gd–0.6Zn–0.5Zr alloy.
Xia et al. have investigated the precipitation evolution of Mg–4Sm–xZn–Zr (x = 0, 0.3, 0.6, 1.3) (wt %)

Metals 2017, 7, 281; doi:10.3390/met7070281 www.mdpi.com/journal/metals4



Metals 2017, 7, 281

alloys [15,20], and they found that a new precipitate β′
z was observed with the Zn addition increasing,

when Zn content was higher than ~1 wt %, the basal γ-series precipitates dominated. However,
the reports about Mg–Sm–Zn alloy with high Zn content (>2 wt %) and the wrought Mg–Sm–Zn alloy
are hardly found.

As is well known, precipitation strengthening is an important way to strengthen the Mg alloys.
In fact, the dynamic precipitation also can occur depending on the alloy composition and solid solution
content, especially during hot deformation [21]. E. Dogan et al. [21] found a new dynamic precipitate
Φ′ in AZ31 alloy during different plastic deformation modes, and the precipitate primarily formed
along the grain boundaries of the DRXed grains. Hou et al. [11] found extensive dynamic precipitation
in Mg–8Gd–2Y–1Nd–0.3Zn–0.6Zr alloy after hot compression at 350 ◦C and the strain rate of 0.5 s−1,
and they thought the formation of precipitate depended strongly on the stress field. Kabir et al. [22]
reported that the dynamic precipitation was mainly stimulated by nucleation of dynamic recrystallized
grain, in turn, the dynamic precipitation could suppress dynamic recrystallization and refine the
recrystallized grain in Mg–Al–Sn alloys. Due to the high content Zn in the Mg–4Sm–xZn–0.5Zr alloys,
it is a reasonable inference that the dynamic precipitation will occur during the hot extrusion process,
and that the volume fraction of dynamic precipitates increases with the Zn content increasing.

Therefore, in the present work, we have investigated the deformation behaviors, microstructure
and tensile properties of the as-extruded Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3 and 4) (wt %) alloys.
Meanwhile, the relationship between dynamic precipitation and DRXed grain size and the effects
of Zn addition on microstructure and mechanical properties of Mg–4Sm–xZn–0.5Zr alloy have
been discussed.

2. Experimental Procedure

The experimental alloys were prepared from commercial high-purity Mg (>99.9%, wt %) and Zn
(>99.9%, wt %), Mg–20%Sm and Mg–30%Zr master alloys by melting in an electrical resistance furnace
under the protective gas consisting of SF6 and CO2. The melting alloys were maintained at 780 ◦C for
30 min and then cast into a steel mold (Φ90 mm × ~500 mm) with a circulatory water cooling system.
The chemical compositions of obtained alloy ingots were analyzed by using inductively coupled
plasma atomic emission spectrometry (ICP). The actual chemical compositions of as-cast alloys were
shown in Table 1.

Table 1. Chemical compositions of the as-cast alloys with different zinc contents.

Nominal Alloys Composition (wt %)

Mg–4Sm–xZn–0.5Zr Mg Sm Zn Zr
Mg–4Sm–0.5Zr Balance 3.50 - 0.40

Mg–4Sm–1Zn–0.5Zr Balance 3.74 0.82 0.40
Mg–4Sm–2Zn–0.5Zr Balance 4.06 1.80 0.51
Mg–4Sm–3Zn–0.5Zr Balance 4.21 2.79 0.60
Mg–4Sm–4Zn–0.5Zr Balance 4.10 3.67 0.40

In order to analyze the solidification behavior of the experimental alloys, differential
scanning calorimetry (DSC) was carried out using a NETZSCH STA 449F3 system equipped with
platinum-rhodium crucibles. Samples weighing approximately 30 mg were heated in a flowing
argon atmosphere from 20 ◦C to 700 ◦C and held for 5 min before being cooled down to 100 ◦C.
Both the heating and cooling curves were recorded at a controlled rate of 1 ◦C/min. Before hot
extrusion, the as-cast alloys were solution treated at first. Solution treatment was carried out under
Ar atmosphere for 10 h at 510 ◦C according to the DSC curve in Figure 1, and then the ingots were
quenched in water of ~70 ◦C. Before the ingots were extruded, both the alloy ingots and extrusion dies
were heated to 360 ◦C and maintained for 90 min. Then the ingots were hot extruded into rods with
the diameter of 15 mm at 360 ◦C with a ratio of ~30:1.
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The as-cast and as-extruded samples were etched with 4% nitric acid ethyl alcohol solution,
and then examined using both an Olympus optical microscope and a Hitachi S4800 SEM scanning
electron microscope (Hitachi S4800 SEM, Tokyo, Japan) operated at 10 kV. The grain size was measured
by the standard linear intercept method using an Olympus stereomicroscope. The phases in the
experimental alloys were analyzed by an 18 kW type X-ray diffractometer (Rigaku D/max 2500 PC
X-ray Diffractometer, Tokyo, Japan) operated at 40 kV and 40 mA and FEI Tecnai G2 F20 transmission
electron microscope (TEM, Hillsboro, OR, USA) at 200 kV. The TEM foils were cut from as-extruded
bars perpendicular to extrusion direction. Tensile samples of 20 mm in gauge length, 4 mm in gauge
width and 2.5 mm in gauge thickness were machined from as-cast ingots and as-extruded bars for
tensile tests. The specimens for tensile tests were cut along the extrusion direction. Tensile tests were
carried out with a constant displacement rate of 1.0 mm/min on an electronic universal testing machine
(SANS CMT–5105, MN, USA). Mechanical properties were determined from a complete stress-strain
curve. The yield strength (YS), ultimate tensile strength (UTS) and fracture elongation were obtained
based on the average of three tests.

Figure 1. The differential scanning calorimetry (DSC) curve of as-cast Mg–4Sm–4Zn–0.5Zr alloy.

3. Results and Discussion

3.1. Microstructure of As-Cast Alloys

Figure 2 shows the optical micrographs of as-cast Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3, 4 wt %) alloys.
It can be observed that all the alloys are composed of α-Mg matrix and network eutectic phase at
the grain boundaries, while the grain size varies from one alloy to another. The average grain sizes
of five alloys are about 33 ± 3.1 μm, 31 ± 2.0 μm, 40 ± 3.5 μm, 37 ± 2.1 μm and 35 ± 2.3 μm,
respectively. The grain sizes of alloys seem to have no specific relationship with the variation
of Zn content, which should take relative contents of compounds and actual contents of Zr into
consideration comprehensively.

Figure 3 shows the SEM micrographs of as-cast Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3, 4 wt %)
alloys. It is obvious that the Mg–4Sm–0.5Zr alloy contains less intermetallic compounds than those
Zn-containing alloys. As shown at top-right corner in Figure 3a, a magnifying image of the part
surrounded by hollow rectangle shows details of second phase in as-cast Mg–4Sm–0.5Zr alloy. The EDS
(Energy Dispersive Spectroscopy) patterns taken from point A in Figure 3a and point D in Figure 3d
have been presented in Figure 3f. And the results of EDS are shown in Table 2.
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Table 2. The chemical compositions of second phases in Figure 2a,d analyzed by EDS.

Position
Elements

Mg K Sm L Zn K Zr L

Point A
Wt % 53.53 43.61 - 2.86
At % 87.27 11.49 - 1.24

Point D
Wt % 47.78 26.13 23.29 2.79
At % 77.81 6.88 14.10 1.21

 

Figure 2. Optical micrographs of as-cast Mg–4Sm–xZn–0.5Zr alloys: (a) x = 0; (b) x = 1; (c) x = 2;
(d) x = 3; (e) x = 4.

 

Figure 3. The scanning electron microscope (SEM) micrographs of as-cast Mg–4Sm–xZn–0.5Zr alloys:
(a) x = 0; (b) x = 1; (c) x = 2; (d) x = 3; (e) x = 4. The hollow rectangle at top-right corner in Figure 2a is
the magnifying picture at grain boundary.
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Figure 4 shows the XRD patterns of as-cast Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3, 4 wt %) alloys.
As shown in the nethermost curve in Figure 4, Mg–4Sm–0.5Zr alloy consists of Mg41Sm5 phase and
α-Mg phase. While the Zn-containing alloys contain a new compound (Mg,Zn)3Sm according to the
XRD curves. The results of XRD are consistent with the results of EDS in Table 2. The (Mg,Zn)3Sm phase
is similar to (Mg,Zn)3RE phase reported by Zhang et al. [23] and Yuan et al. [24]. The (Mg,Zn)3RE
phase has a DO3-type structure with a = 0.72 nm. Figure 5a shows a bright field TEM image of
(Mg,Zn)3Sm phase and the sample is taken from the as-cast Mg–4Sm–2Zn–0.5Zr alloy. The SAED
(Selected Area Electron Diffraction) pattern in Figure 5b corresponds to the position A in Figure 5a,
and the electron beam is parallel to the

[
112

]
axis of (Mg,Zn)3Sm phase. By calculation, the interplanar

spacing between {220}(Mg, Zn)3Sm is about 0.258 nm, a = 2
√

2 × 0.258 nm = 0.729 nm, which agrees well
with previous research.

 

Figure 4. The X-ray diffractometer (XRD) patterns of as-cast Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3, 4)
(wt %) alloys.

 

Figure 5. (a) A bright field transmission electron microscope (TEM) image of as-cast Mg–4Sm–2Zn–
0.5Zr alloy and (b) the SAED patterns taken from the position A in Figure 4a, the zone axis is

[
112

]
.

3.2. Microstructures of Solution-Treated Alloys

Figure 6 shows the optical micrographs of solution-treated alloys at 510 ◦C for 10 h. Comparing
with the as-cast alloys, the average size of grain slightly increased at the T4 state. Although the
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eutectic compounds at grain boundaries are less than those in as-cast alloys, they do not disappear
completely. The solution-treated alloys containing high content of Zn have more eutectic compounds.
The XRD pattern of the solution-treated alloys are shown in Figure 7, Mg41Sm5 phases and (Mg,Zn)3Sm
phase still can be detected in solution-treated alloys. The result reveals that the Mg41Sm5 phases and
(Mg,Zn)3Sm phase are thermostable compounds to some degree.

 

Figure 6. The optical micrographs of solution-treated Mg–4Sm–xZn–0.5Zr alloys: (a) x = 0; (b) x = 1;
(c) x = 2; (d) x = 3; (e) x = 4.

 

Figure 7. The XRD patterns of solution-treated Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3, 4) (wt %) alloys.

3.3. Microstructures of As-Extruded Alloys

Figure 8 shows the SEM micrographs of as-extruded Mg–4Sm–xZn–0.5Zr alloys observed on
the longitudinal section along the extrusion direction under different magnification. Here, it is
obvious that almost complete dynamic recrystallization has taken place in all the alloys. After hot
extrusion, the grains are obviously refined for each alloy. By calculation, the DRXed grain sizes of
as-extruded alloys are 4.0 ± 0.3 μm, 5.1 ± 0.2 μm, 6.2 ± 0.3 μm, 4.5 ± 0.2 μm and 2.4 ± 0.3 μm,
respectively. Comparing with the other four alloys, the grains of as-extruded Mg–4Sm–4Zn–0.5Zr alloy
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are obviously finer. As shown in Figure 8a, spherical particles can hardly be observed in as-extruded
Mg–4Sm–0.5Zr alloy. With the increasing Zn content, more and more fine and dispersed phases appear
in the as-extruded alloys.

As shown in Figure 8, the second phases in as-extruded Zn-containing alloys have various
morphologies with different sizes ranging from dozens of nanometers to several micrometers.
Some block-shaped particles with diameter of several micrometers can be observed at the grain
boundary and their volume fraction is very few. Apart from the big block-shaped particles, a high
number density of white particles can be observed in the as-extruded Zn-containing alloys, especially
in high Zn-content alloys. The magnifying SEM images show that the fine particles locate both at grain
boundaries and at the interior of the grains.

Figure 8. The SEM micrographs of as-extruded Mg–4Sm–xZn–0.5Zr alloys observed on the longitudinal
section along the extrusion direction: (a) x = 0; (b) x = 1; (c) x = 2; (d) x = 3; (e) x = 4.

The XRD patterns in Figure 9 of as-extruded alloys reveal that besides α-Mg, (Mg,Zn)3Sm and
Mg41Sm5 phase can be detected in the as-extruded alloys containing Zn. The results are similar to the
XRD patterns of as-cast alloys and solution-treated alloys. Comparing the XRD patterns of as-cast
alloys (Figure 4), solution-treated alloys (Figure 7) and as-extruded alloys (Figure 9), an interesting
phenomenon can be observed in that the XRD peaks of the (Mg,Zn)3Sm phase in as-cast alloys and
as-extruded alloys shift toward larger angles with increasing Zn content. The phenomenon is not
observed in the XRD patterns of solution-treated alloys.

According to Bragg’s Law λ = 2dsinθ (where λ is radiation wavelength, θ is the usual Bragg
angle, and d is interplanar crystal spacing), the peaks shift towards larger angle means that the θ

has increased with the increasing of Zn content; at the same time, the d should decrease in order to
keep the λ constant. Therefore, it can be concluded that the interplanar spacing of (Mg,Zn)3Sm phase
decreases with increasing Zn content in as-cast and as-extruded alloys. Additionally, the interplanar
spacing of (Mg,Zn)3Sm phase remains constant with increasing Zn content in the solution-treated
alloys. The decrease of interplanar spacing may be attributed to the internal strain in (Mg,Zn)3Sm
phase caused by redundant Zn in alloys with increasing Zn content in as-cast and as-extruded alloys.

10
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The internal strain is released adequately through solution treatment at 510 ◦C for 10 h, therefore,
the interplanar spacing of (Mg,Zn)3Sm phase in the solution-treated alloy remains constant.

Figure 9. The XRD patterns of solution-treated Mg–4Sm–xZn–0.5Zr (x = 0, 1, 2, 3, 4) (wt %) alloys.

Figure 10 shows a bright field TEM micrograph of ellipsoidal particles with diameter of ~1.5 μm
observed in as-extruded Mg–4Sm–2Zn–0.5Zr alloy and corresponding SAED patterns. Figure 10e
shows the EDS result taken from the particle in Figure 10a. The EDS result reveals that the atomic ratio
of Zn and Sm is ~2.5:1, therefore, the micron-sized particles may be (Mg,Zn)3Sm phase, which are
verified by the SAED patterns. As shown in Figure 10b–d, the SAED patterns are taken from the
[001],

[
111

]
and

[
112

]
direction, respectively. These particles have relatively big size and irregular

shape in general, and should be the fragmented (Mg,Zn)3Sm phase after hot-extrusion.

 

Figure 10. The bright field TEM micrograph of the micron-sized phase observed in as-extruded
Mg–4Sm–2Zn–0.5Zr alloy for (a) and the corresponding SAED patterns taken along the [001] direction
for (b), the

[
111

]
direction for (c) and the

[
112

]
direction for (d), respectively. (e) The EDS pattern of

the micron-sized phase in Figure 10a.
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Figure 11 shows a bright field TEM micrograph of a regular polygon particle with a diameter of
~60 nm in as-extruded Mg–4Sm–2Zn–0.5Zr alloy, and the SAED patterns indicate that it is (Mg,Zn)3Sm
phase. The fine regular nano-sized particles should be the dynamic precipitates after hot extrusion.

Besides the block-shaped precipitates, some disc-like precipitates also are observed in the
as-extruded Mg–4Sm–4Zn–0.5Zr alloy, as shown in Figure 12a. The disc-like precipitates are about
30 nm wide and 500 nm long, and they all lie along the (0001)α–Mg plane of Mg matrix. Figure 12b
shows the HRTEM (High Resolution Transmission Electron Microscopy) image of the basal precipitates
taken with electron beam paralleling to the

[
2110

]
α−Mg direction of Mg matrix. An examination

of these basal precipitate discs using HRTEM reveals that most of them form on several successive
(0001)α–Mg planes of the matrix phase. The corresponding FFT (Fast Fourier Transform) pattern is
shown at the top-right corner of Figure 12b. The SAED pattern recorded from

[
2423

]
α−Mg of Mg matrix

regions containing disc-like precipitates is shown in Figure 12c. The ambiguously extra diffraction
spots are located at the 1/3

(
1122

)
α−Mg and 2/3

(
1122

)
α−Mg positions. This result is similar to the

basal precipitates Mg–RE–Zn phase in as-cast Mg–RE–Zn–Zr alloy at T6 state [25]. Therefore, the basal
precipitates are proposed to have a hexagonal structure with a = 0.556 nm.

 

Figure 11. The bright field TEM micrograph of the nanoscale phase observed in as-extruded
Mg–4Sm–2Zn–0.5Zr alloy for (a), and corresponding SAED patterns taken along the

[
112

]
direction for

(b) and the
[
111

]
direction for (c).

 

Figure 12. (a) The bright field TEM micrograph of disc-like precipitates observed in as-extruded
Mg–4Sm–4Zn–0.5Zr alloy, zone axis:

[
2110

]
α−Mg; (b) the HRTEM micrograph of disc-like precipitates

observed in as-extruded Mg–4Sm–4Zn–0.5Zr alloy, zone axis:
[
2110

]
α−Mg; (c) the SAED pattern taken

from the Mg matrix containing the disc-like precipitates in as-extruded Mg–4Sm–4Zn–0.5Zr alloy, zone
axis:

[
2423

]
α−Mg.
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It is well known that precipitation strengthening is an effective way to strengthen Mg alloy,
however, many investigations about precipitation focus on the static precipitation, especially Mg–RE
alloys [15,18,26,27]. As mentioned by Kabir [22], the formation of strain-induced precipitates depended
on deformation temperature, strain, and strain rate. The dynamic precipitates in Kabir’s work mainly
distributed at the grain boundaries, while in this paper, the dynamic precipitates can be observed at
the grain boundaries and at the interior of the grain, which is consistent with the investigation from
Su [28].

The second phase can influence recrystallization, whether fragmented coarse particles or the
dynamic precipitates. The effect of second phases on recrystallization depends on their size, spacing
and fraction [29], and lies in three aspects: firstly, the stored energy at the positions of the particles
increases the driving pressure for recrystallization; secondly, the large particles (≥1 μm in diameter)
may act as nucleation sites for recrystallization; finally, the closely spaced particles may exert a
significant pinning effect on both low and high angle grain boundaries [30]. Some evidence reveals that
the particle stimulated nucleation of recrystallization (PSN) may occur during the high temperature
deformation [30]. In this work, after hot deformation some static recrystallization has been observed
in as-extruded Mg–4Sm–4Zn–0.5Zr alloy, and the nucleation site locate at the large particle, as shown
in Figure 13a. In the process of hot deformation massive dispersive particles can effectively pin the
migration of boundaries and retard the dynamic recrystallization, which leads to fine DRXed grain in
the as-extruded alloy. In Figure 13b the dynamic precipitation can be observed at the grain boundary,
as indicated by yellow arrows.

 

Figure 13. Bright field TEM micrographs taken from as-extruded Mg–4Sm–4Zn–0.5Zr alloy: (a) the
large particles can promote recrystallization after hot extrusion; (b) fine and dispersive particles can
pin the grain boundaries.

It is well known that the DRXed grain size of Mg alloy are influenced by several factors, such as
deformation temperature, strain rate, deformation degree and the initial grain size [31]. In this work,
except the initial grain size, the other factors are almost the same for all the five kinds of alloys.
Previous research revealed that the initial grain size was a more sensitivity factor to influence the
DRXed grain size in Mg alloy than in other metals [32]. The coarser initial grain always leads to a
coarser DRXed grain through hot deformation, and vice versa. On one hand, the finer initial grain
provide more grain boundaries to facilitate nucleating of the dynamic recrystallization. On the other
hand, with the initial grain decreasing, the strain corresponding to the peak stress also decreases,
therefore, the dynamic recrystallization can occur more easily [33]. In the present paper, the variation
trend of grain size of as-cast alloys is mainly as same as that of as-extruded alloys with the Zn content
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increasing. Moreover, the results agree well with the former research. The DRXed grains of as-extruded
Mg–4Sm–4Zn–0.5Zr alloy are obviously finer than those of the other alloys, may be attributed to the
massive dispersive particles retarding the dynamic recrystallization and pinning the migration of grain
boundaries, which agree with the former research from Kabir [22].

3.4. Mechanical Properties

As shown in Figure 14a, when x ≤ 2, it is obvious that the yield strength and ultimate tensile
strength of as-cast alloy increases with increasing Zn content. However, when 2 ≤ x ≤ 4, the value of
yield strength almost retains a constant of about 135 MPa; at the same time, the elongation has a drop
with Zn content increasing. The yield strength σy varies with grain size according to the Hall-Petch
equation, σy = σ0 + kyd−1/2, where d is the average grain diameter and σ0 and ky are constants for
a particular material. The average grain diameters of the as-cast alloys do not change too much,
therefore, the grain size reduction is not the main factor to influence strengthening. Solid-solution
strengthening plays an important role in strengthening the alloys. The Zn element has a relatively
high solid solubility in Mg matrix, hence the yield strength of as-cast alloy increases with Zn content
increasing at first, whereas when the Zn content is greater than 2 wt %, the solid solubility of Zn
reach extremum at room temperature, which can explain why the value of yield strength almost
retains a constant when x ≥ 2. Moreover, the volume fraction of eutectic compounds increases and the
compounds become increasingly coarse, which provides more crack initiations during the tensile test
to lead to fracture. Thus, the elongation has an obvious drop with Zn content increasing when x ≥ 2.
The as-cast Mg–4Sm–2Zn–0.5Zr alloy exhibits the best comprehensive mechanical properties at room
temperature, and the yield strength, ultimate tensile strength and elongation are 132 MPa, 175 MPa
and 8.7%, respectively.

Figure 14. The tensile properties of as-cast, solution-treated and as-extruded Mg–4Sm–xZn–0.5Zr
(x = 0, 1, 2, 3, 4 wt %) alloys at room temperature.
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Comparing with the tensile properties of as-cast alloys, the ultimate tensile strength and elongation
of solution-treated alloys is a bit higher, and the yield strength almost equal to those of as-cast alloys,
as shown in Figure 14b. The increasing of elongation and ultimate tensile may be attributed to reduction
of the coarse eutectic compounds at grain boundaries. The solution-treated Mg–4Sm–4Zn–0.5Zr alloys
exhibits the best comprehensive mechanical properties at room temperature, and the yield strength,
ultimate tensile strength and elongation are 191 MPa, 141 MPa and 8.7%.

Figure 14c shows the tensile properties of as-extruded alloys. Comparing with the yield strength
and elongation of as-cast alloy, those of as-extruded alloys have clearly improved, which is attributed
to the grain refinement after hot extrusion. The fine grains can provide greater total grain boundary
to impede dislocation motion. It should be mentioned that grain size reduction improves not only
strength, but also the toughness of the alloys. As shown in Figure 7, the volume fraction of second
phases increases with Zn content increasing, especially the fine nano-sized phases. It is well known
that the operative slip system of Mg is mainly on the basal plane (0001)

〈
1120

〉
and secondly on

vertical face planes
(
1010

)
in the direction

〈
1120

〉
at room temperature. At elevated temperatures,

slip also can occur on the
(
1011

)
plane in the

〈
1120

〉
direction [3]. On one hand, the massive fine

particles promote recrystallization nucleation decreasing the grain size. On the other hand, the massive
fine particles can effectively block slip during tensile test. The as-extruded Mg–4Sm–4Zn–0.5Zr alloy
exhibits the best comprehensive mechanical properties at room temperature, and the yield strength,
ultimate tensile strength and elongation are about 246 MPa, 273 MPa and 21%, respectively. This result
is attributed to the massive dispersed nanoscale particles reducing the DRXed grain size and blocking
slip of dislocation effectively in as-extruded Mg–4Sm–4Zn–0.5Zr alloy.

Figure 15 shows the stress-strain curves of as-extruded Mg–4Sm–4Zn–0.5Zr alloy at room
temperature and 473 K. It can be seen that the as-extruded Mg–4Sm–4Zn–0.5Zr alloy has a relatively
good tensile properties at elevated temperature, which should be attributed to the heat-resistant
(Mg,Zn)3Sm phase with different sizes blocking not only the motion of dislocation but also the slide of
the grain boundary.

 

Figure 15. The stress-strain curves of as-extruded Mg–4Sm–4Zn–0.5Zr alloy at room temperature and 473 K.

3.5. Fracture

Figure 16 shows the SEM fractographs of tensile tests of as-cast and as-extruded Mg–4Sm–xZn–
0.5Zr alloys at room temperature. It is obvious that the fractographs of as-cast alloys mainly consist
of cleavage planes, tear ridges and shallow dimples, revealing the poor ductility of as-cast alloys.
The coarse ridges and cleavage planes in Figure 16e correspond to the coarse eutectic compounds in
as-cast Mg–4Sm–4Zn–0.5Zr alloy, indicating that excessively coarse eutectic compounds are harmful
to the toughness of alloy. The abundant ridges and deep dimples observed in Figure 16f,j reveal the
excellent plasticity of as-extruded alloys, which is consistent with the high elongations in Figure 14c.
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In short, the fracture mechanism of as-cast alloys is transgranular cleavage fracture, and the ductility
of alloys has been improved much by hot extrusion.

 

Figure 16. SEM fractographs of tensile tests of as-cast (a–e) and as-extruded (f–j) Mg–4Sm–xZn–0.5Zr
alloys at room temperature: (a,f) x = 0; (b,g) x = 1; (c,h) x = 2; (d,i) x = 3; (e,j) x = 4.

4. Conclusions

(1) The as-cast Mg–4Sm–0.5Zr alloys contains α-Mg matrix and Mg41Sm5 phase. The microstructures
of as-cast Mg–4Sm–xZn–0.5Zr (x = 1, 2, 3, 4 wt %) alloys mainly consist of α-Mg matrix, Mg41Sm5

and (Mg,Zn)3Sm.
(2) The as-cast Mg–4Sm–2Zn–0.5Zr alloy exhibits the best comprehensive tensile properties at room

temperature among all the as-cast alloys, and YS, UTS and EL are 132 MPa, 175 MPa and
8.7%, respectively.

(3) f Besides the block-shaped precipitates, some disc-like precipitates also are observed in the as-ex
elongation are about 246 MPa, 273 MPa and 21%, respectively, which is attributed to the massive
dispersed nanoscale particles effectively reducing the DRXed grain size and blocking slip of
dislocation. The dynamic precipitates in as-extruded Mg–4Sm–4Zn–0.5Zr alloy containing basal
precipitates having a hexagonal structure with a = 0.556 nm.
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Abstract: The objective of the study research was to obtain bimodal structured ultrafine-grained
ferrite steel with outstanding mechanical properties and excellent corrosion resistance. The bimodal
microstructure was fabricated by the cold rolling and annealing process of a dual-phase steel.
The influences of the annealing process on microstructure evolution and the mechanical properties of
the cold-rolled dual-phase steel were investigated. The effect of bimodal microstructure on corrosion
resistance was also studied. The results showed that the bimodal characteristic of ferrite steel was
most apparent in cold-rolled samples annealed at 650 ◦C for 40 min. More importantly, due to
the coordinated action of fine-grained strengthening, back-stress strengthening, and precipitation
strengthening, the yield strength (517 MPa) of the bimodal microstructure improved significantly,
while the total elongation remained at a high level of 26%. The results of corrosion experiments
showed that the corrosion resistance of bimodal ferrite steel was better than that of dual-phase
steel with the same composition. This was mainly because the Volta potential difference of bimodal
ferrite steel was smaller than that of dual-phase steel, which was conducive to forming a protective
rust layer.

Keywords: bimodal ferrite steel; ultrafine-grained microstructure; mechanical properties;
corrosion resistance

1. Introduction

With the increasing demand for lightweight vehicles and reduction in container weight, the steel
plates used in vehicles and containers require high strength, which can significantly reduce the thickness
and weight of vehicles and containers, and higher plasticity to permit cold forming in the manufacturing
process. Good weather resistance is also required to face harsh service environments [1,2]. Dual-phase
steel—the main vehicle steel in industry—has the advantages of a high work hardening rate, low
yield ratio, and good match of strength and toughness due to the coexistence of martensite and ferrite.
However, its corrosion resistance is not ideal because the potential difference between martensite and
ferrite is large and abundant defects exist in martensite [3,4]. Single ferrite with few defects possesses
remarkable resistance to weathering [5], but its strength is lower than that of dual-phase steel.

Microstructural refinement is one of the most important methods of metallic materials
strengthening to yield lightweight components with improved performance [6–8]. In particular,
extremely high yield strength was achieved in ultrafine-grained or nanograined steels (UFG/NG), and
the yield strength resembled the Hall-Petch relationship [9,10]. However, the ductility of these steels
with homogeneous UFG/NG microstructures was considerably lower than those with coarse-grained
microstructures. The inferior ductility has severely limited the application of this material. The low
ductility was caused by low strain hardening [11–13], which is the result of small grain sizes. In recent
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years, several research efforts were made to achieve a combination of high strength and reasonable
ductility through the creation of heterogeneous microstructures, and it was clearly demonstrated that
the bimodal grain size distribution is a simple and effective approach to obtaining heterogeneous
microstructures with high strength and sufficient ductility [7,9,14–17]. In addition, the bimodal
microstructure is generally composed of a single phase, and there is no obvious potential difference
between the two phases [18–20]. In this study, bimodal structured ultrafine-grained ferrite steel
is obtained from the dual-phase steel through cold rolling and annealing. It is fabricated by the
recrystallization of deformed martensite and deformed ferrite. The main objective of this study is to
investigate the microstructure evolution, mechanical properties, and corrosion resistance of bimodal
ferrite steel.

2. Materials and Experimental Methods

The chemical composition of low carbon steel was (in wt %): 0.06C, 1.17Si, 1.23Mn, 0.6Cr, 0.24Mo,
and 0.025Al, balanced with Fe. Dual-phase steels were prepared by melting in a vacuum induction
furnace (Shenyang Jinyan Co., Ltd., Shenyang, China). The cast slabs were reheated at 1200 ◦C for
4 h and hot-rolled into 6 mm thick plates. Subsequently, the plates were austenitized at 780 ◦C for
15 min and quenched to room temperature. The quenched microstructure consisted of 74% ferrite
and 26% martensite as shown in Figure 1a. Next, the steel sheets were cold rolled with 80% total
thickness reduction. The cold-rolled specimen thickness was 1 mm and the deformed microstructure
is shown in Figure 1b. Annealing experiments were carried out on these samples (210 mm × 70 mm).
The annealing temperature was 650 ◦C and the holding times were 30 min, 40 min, 50 min, and 70 min.

Figure 1. Microstructures of dual-phase steel (a) before cold rolling and (b) after cold rolling.

The microstructural evolution was analyzed using scanning electron microscopy (ZEISS ULTRA 55,
Carl Zeiss, Oberkochen, Germany) and transmission electron microscopy (Tecnai G2 F30 S-TWIN, FEI
Company, Hillsboro, OR, USA). The Image Pro-Plus image analysis software (Version 6.0, Media
Cybernetics, Inc., Rockville, MD, USA) was applied to determine the grain size of each grain.
Tensile tests were carried out at room temperature using a CMT5105 tensile machine (SANS Testing
Machine Co., Ltd., Shenzhen, China). Vickers micro-hardness values were measured on an HV-1000
micro-Vickers durometer (300 gf, Shanghai Yanrun instrument factory, Shanghai, China). For SEM
examination and Vickers micro-hardness test of the dual-phased microstructure before and after cold
rolling (10 mm × 10 mm × 6 mm), and the annealed microstructure (10 mm × 10 mm × 1 mm),
specimens were cut from the dual-phase steel’s strip before and after cold rolling and the annealed
steel’s strip, respectively. The specimen surface was ground with emery paper (200-grit to 2000-grit),
polished and then etched with 4 vol % natal. Dog-bone-shaped tensile specimens were machined to
a gauge length of 25 mm and gauge width of 6 mm. The samples were cut from the dual-phase steel’s
strip before and after cold rolling and the annealed steel’s strip.
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The corrosion experiments include neutral salt spray test with 5% NaCl solution (YWX/Q-150
salt fog-box), immersion test, scanning Kelvin probe force microscopy (SKPFM) test, and the
electrochemical test. The neutral salt spray was carried out in a salt fog-box at a constant temperature of
50 ◦C. The immersion test was controlled by a thermostat water bath at 50 ◦C. The corrosion solutions
for the immersion test and the neutral salt spray test were 5% NaCl aqueous solution. The samples
for corrosion experiments were cut (50 mm × 15 mm × 1 mm) from the annealed plates (annealed
at 650 ◦C for 40 min) and the dual-phase steel, as mentioned above. All samples were polished to
a surface finish of 600-grit with emery paper and ultrasonically cleaned with acetone, dried with clean
air and stored in a desiccator before testing. Besides, all experiments were conducted with three groups
of contrast samples.

The SKPFM measurements were performed with an atomic force microscope (AFM), MFP-3D
infinity (Oxford instruments, Oxford, UK). A Ti/Ir probe was employed for Volta potential
measurements. The surfaces of coupons (annealed at 650 ◦C for 40 min) for the SKPFM test were
prepared by grinding to 2000-grit and electropolishing at a voltage of 15 V for 25 sin electrolyte
composed of 20 vol % perchloric acid and 80% ethanol. In electrochemical experiments, the exposed
surfaces of the specimens for potentiodynamic polarization measurement were 10 mm × 10 mm,
with an area of 1 cm2. All electrochemical test specimens (annealed at 650 ◦C for 40 min) were
enclosed with epoxy resin, leaving a working area of 1 cm2. Prior to testing, the exposed surface
was ground with 200-grit to 2000-grit emery paper. The interfaces between epoxy and sample were
sealed with silicone to prevent unwanted crevice corrosion. Potentiodynamic polarization tests were
conducted using a CS 310 electrochemical workstation. A three-electrode system was used with the
steel specimen as the working electrode, a platinum sheet as the counter electrode, and an Ag/AgCl
electrode as the reference electrode. The polarization potential was swept from −0.5 V to 0.8 V vs. the
open circuit potential (OCP) at a scan rate of 0.5 mV/s. The frequency range for electrochemical
impedance spectroscopy (EIS) was from 105 Hz to 10−2 Hz. The corrosive electrolyte was 5% NaCl
aqueous solution.

3. Results and Discussion

3.1. Effect of Annealing on the Microstructure Evolution of Cold-Rolled Dual-Phase Steel

The cold-rolled microstructure of the dual-phase steel was shown in Figure 1b. It can be seen
that the microstructure was fibroid along the rolling direction, and both martensite and ferrite were
seriously distorted due to the large deformation. The microstructures of samples annealed at 650 ◦C
for different holding times and the corresponding diagrams of grain size distribution were shown in
Figure 2. The grain size measured was that of ferrite. Grains of the coarse grain region and fine grain
region were counted separately. The fine grain region was formed by the recrystallization of originally
deformed martensite and there were many fine carbides distributed in the fine grain region. However,
there was no carbide precipitation in the coarse grain zone. In addition, the micro-hardness of the fine
grain region was higher than that of the coarse grain region. Therefore, the annealed microstructures
were marked first with a micro-Vickers durometer. To make the statistical results more accurate, three
metallographic specimens were prepared for each annealed microstructure and three SEM images were
taken from different locations on each metallographic specimen. When the annealing time was 30 min,
although preliminary development of the bimodal phenomenon can be seen, the coarse grain region
and fine grain region were both fine and the difference between them was not obvious. Furthermore,
the grains with diameter ≤200 nm occupied a large proportion of the fine grain region, as shown in
Figure 2a,e. When the annealing time was increased to 40 min, the bimodal characteristic was most
obvious (Figure 2b). The peak value of the fine grain region was 0.91 μm and the peak value of the
coarse grain region was 1.9 μm (Figure 2f). When the annealing time was 50 min, the change of grain
size in the coarse grain region was not distinct. However, the grains with diameter ≥1.5 μm increased
significantly in the fine grain region (Figure 2g). With the annealing time further increased, the bimodal
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characteristic gradually weakened (Figure 2d). The difference in grain size between the coarse and fine
grain regions gradually reduced and the grain size gradually tended to become uniform, as shown
in Figure 2h.

Figure 2. The annealed microstructures at 650 ◦C and different holding times, and the corresponding
diagrams of grain size distribution. Number of the measured grains (N) was given. (a,e) 30 min;
(b,f) 40 min; (c,g) 50 min; (d,h) 70 min.

The martensite lath structure was preferentially destroyed via the large deformation during
the cold rolling process. Hence, the large number of defects and the distortional energy present in
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the cold-rolled martensite can increase the nucleation rate of recrystallization and effectively refine
the annealed microstructure [21,22]. Meanwhile, ferrite carried a much higher plastic deformation
as it is softer than martensite. Thus, a large amount of distortional energy was stored in ferrite,
which was also beneficial for the recrystallization of the cold-rolled microstructure and favorable
for refining the annealed microstructure [7–9]. As shown in Figure 2a, when the annealing time
was 30 min, the grains of the original ferrite region almost completed recrystallization. However,
there were still incompletely recrystallized grains in the original martensite region. As shown in the
white ellipse region of Figure 2a, the original martensite region was still fuzzy and remained slightly
distorted. In addition, the Vickers hardness values of microstructures annealed for different times
are shown in Figure 4. The microstructure annealed for 30 min retained a higher value of hardness
than the subsequent annealing processes. This implied that the recrystallization of grains was not
complete when annealed for 30 min. At the beginning of the annealing process, the main driving
force (E) for recrystallization comes from the distortional energy [21,23]. Most of the deformation
was carried out in the ferrite region due to its soft matrix during the cold rolling process. Hence,
the distortional energy of unit volume stored in the martensite region (qm) was lower than that in
the ferrite region (qf). In addition, there were many precipitates in the martensite region, as shown
in Figure 3 (discussed below), which resulted in the restraining force in grain boundary migration.
Therefore, the recrystallization of some deformed grains and the growth of some recrystallized grains
in favorable positions were both blocked. Thus, the martensite region was gradually transformed to
a fine grain region. However, the resistance of grain growth in the primary ferrite region was feeble
and the stored distortion energy was higher, so these grains grew quickly and transformed to the
coarse grain region.

The microstructure annealed at 650 ◦C for 40 min is shown in Figure 2b. It can be seen that
all grains grew further and recrystallization was completed; grain boundaries in the coarse grains
region and fine grains region were both clear. Meanwhile, the regions of fine grains and coarse grains
were distributed in strips and formed a lamellar interphase structure, which is consistent with the
distribution of cold-rolled martensite and ferrite. Besides, the percentage of fine grain and coarse
grain regions were close to those of the original martensite and ferrite regions, respectively. At this
condition, the bimodal characteristic of grain distribution was most obvious. When the annealing time
was further increased to 50 min and 70 min, the grains of the fine grain region and coarse grain region
both grew rapidly due to the more driving force. The Vickers hardness values of these microstructures
were low, as shown in Figure 4. Meanwhile, the bimodal characteristics were increasingly obscured
as shown in Figure 2c,g and Figure 2d,h. As mentioned earlier, the driving force for recrystallization
in the original martensite region (Em) was lower than that in the original ferrite region (Ef) at the
beginning of the annealing process, and the rate of increase Rf was greater than Rm. However, with
the increase of annealing time, the deformed grains were gradually replaced with newly undistorted
equiaxed grains. Therefore, qf and qm decreased gradually and eventually disappeared. When the rate
of grain growth in the fine grain region was equal to the rate of grain growth in the coarse grain region,
the difference in grain size was the largest and the bimodal characteristic of grain size distribution was
most apparent, as shown in Figure 2b,f. The main driving force (E) for grain growth after complete
recrystallization is the reduction of grain surface energy. The smaller the grain size is, the higher the
surface energy is [24]. The assumption is that all grains are spherical. If R is the grain diameter, let γ be
the surface energy per unit surface area of grains. Therefore the driving force for grain growth per unit
volume in the martensite region (Em) and the ferrite region (Ef) are simplified as follows [24].

Em = kγΔS/ΔV = kγdS/dV = 2kγ/Rm, (1)

Ef = 2kγ/Rf, (2)
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where k is the surface energy coefficient. When the annealing time increased further, Em > Ef, the rate
of grain growth in the fine grain region exceeded that in the coarse grain region, so the grain sizes of
the two regions were gradually consistent.

In addition, the grain growth was also affected by the drag of the second phase particle.
The dispersed precipitates in the fine grain region (annealing for 40 min) are shown in Figure 3.
A large number of white spots were distributed in the fine-grained region, which presented two kinds
of morphology—rectangular and circular—at high magnification. The size of these precipitates was
~50 nm. The analysis results of EDS indicated that these precipitates contained large quantities of
elements Cr, Mn, and Mo, as shown in Table 1. During heating of the two-phase region, most of
the alloying elements dissolved in austenite due to their high solubilities. And in the subsequent
quenching process, it was difficult for most of the alloying elements to diffuse due to the fast
cooling rate. After quenching, a large number quantity of alloy elements (Cr and Mo) and carbon
were supersaturated in α-Fe. After cold rolling, the martensite lath structure was preferentially
destroyed via the large deformation during the cold rolling process and the large number of defects
and the distortional energy present in the cold-rolled martensite. Therefore, during the subsequent
annealing process, distorted martensite spontaneously recrystallized and the supersaturated carbon
and alloy elements precipitated in the form of carbides dispersed in fine grain. Bimodal structure
ultrafine-grained ferrite with nano-scale carbides was finally obtained.

   

Figure 3. TEM micrographs of precipitates in the fine grain region; (a) distribution of precipitates;
(b) rectangular precipitate; (c) circular precipitate.

Table 1. The results of EDS analysis of precipitates and matrix (wt %).

Alloy Element Spectrum1 (Matrix) Spectrum2 (Precipitate) Spectrum3 (Precipitate)

Si 1.5 1.2 0.8
Fe 97.0 81.3 77.7
Mn 1.0 9.0 12.1
Cr 0.5 6.6 7.7
Mo - 2.0 1.6

3.2. Mechanical Properties of the Annealed Microstructures

The mechanical properties of the cold-rolled samples annealed at 650 ◦C and different holding
times are shown in Figure 4. The yield strength increased first and then decreased slightly with
the increase of annealing time, and the elongation increased always. Meanwhile, the yield strength
and the elongation of all annealed samples improved relative to the dual-phase steel. Particularly,
when the cold-rolled samples were annealed at 650 ◦C for 40 min, the yield strength (517 MPa) of the
bimodal microstructure significantly improved, while the total elongation remained at a high level
of 26%, which were attributed to the coordinated action of fine-grained strengthening, back-stress
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strengthening, and precipitation strengthening [16]. On the one hand, the refinement of bimodal
ferrite grains and the increase of dislocation density with tensile strain caused an increase in stress, i.e.,
fine-grained strengthening, which was caused by the increase in grain boundaries [6,25,26]. On the
other hand, the soft lamellae of coarse grains start plastic deformation first during the tensile process.
However, they were constrained by the surrounding hard lamellae of the fine grains. Therefore,
dislocations in coarse grains were piled up and blocked at lamella interfaces, which were actually
grain boundaries. This produced a long-range back stress to increase the difficulty for dislocations
to slip in the lamellae of coarse grains until the surrounding lamellae of fine grains started to yield
at a larger global strain and to stop the dislocation source from emitting more dislocations [16,27,28].
This means that the soft lamellae constrained by hard lamellae appeared much stronger than when
they were not constrained. Besides, there was a large amount of precipitation dispersed in the fine
grain region of the bimodal ferrite microstructure, which would induce significant pinning effect on
the dislocation motion in tension, i.e., precipitation strengthening [29,30]. In summary, the combined
effect of fine-grained strengthening, back-stress strengthening, and precipitation strengthening gave
the bimodal ferrite steel reasonable strength, although the microstructure of the bimodal ferrite steel
was completely ferrite. Meanwhile, the complete ferrite matrix contributed to prominent elongation.

 
Figure 4. Mechanical properties of cold-rolled specimens annealed at 650 ◦C and different holding
times. The first value of yield strength, tensile strength, and elongation belongs to the dual-phase steel
(the Vickers hardness of the dual-phase steel was 194 HV). The first value of Vickers hardness belongs
to the dual-phase steel after cold rolling (The values of yield strength, tensile strength, and elongation
of the dual-phase steel after cold rolling were 1008 MPa, 1125 MPa, and 4.7%, respectively).

The stress-strain curves of the annealed specimens were also obtained during the tensile process
as shown in Figure 5. Yield plateaus appeared in stress-strain curves of the annealed microstructures.
Previous studies showed that the occurrence of a yield point needs to satisfy three conditions [31,32]:
(i) low initially mobile dislocation density; (ii) rapid increase of dislocation during deformation; and
(iii) rate of dislocation slip controlled by the loading stress. The annealed microstructures contained
ultrafine-grained ferrite and nanoscale carbides; the recrystallization of ferrite was relatively completed,
which caused the great disappearance of matrix dislocation. Because of the pinning effect of the Cottrell
atmosphere [33] and precipitates [29,30] on dislocation, the motion of dislocation needed sufficient
stress. Once the dislocation was free from pinning, it could move under relatively low stress. Therefore,
the continuous appearance of this situation produced a yield platform. Besides, the decrease of grain
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size was beneficial for producing the yield platform and increasing the extension length of the yield
platform [9,34]. Hence, the appearance of the yield plateau in bimodal ferrite steel was mainly due to
ultrafine grains of ferrite and numerous nano-scale carbides.

 
Figure 5. Stress-strain curves of the original dual-phase steel and the specimens annealed at 650 ◦C for
different holding times.

3.3. Corrosion Behavior of Bimodal Ferrite Steel and Dual-Phase Steel

In order to study the corrosion behaviors of bimodal ferrite steel and dual-phase steel, the neutral
salt spray, immersion, SKPFM, and electrochemistry tests were used. After neutral salt spray testing for
eight days, the rates of weight loss for the two experimental steels are shown in Figure 6. The corrosion
rates of both steels increased rapidly at the beginning of corrosion and then remained at a stable
level. This is mainly because rust layers were not formed in the early stages and the corrosion
resistances of the substrates were poor. In addition, the corrosion rate of bimodal ferrite steel was
slightly higher than that of dual-phase steel. It is possible that a micro battery formed between the
nanoscale precipitates and substrate, which was likely to promote corrosion. With the increase of
corrosion time, a rust layer began to form. The dense and protective rust layer could form easier in
the bimodal ferrite steel than in dual-phase steel. This was mostly because a large number of defects
existed in martensite, which facilitated the occurrence and development of corrosion [5,6]. Meanwhile,
the Figure 7b shows that the Volta potential of martensite was higher than the Volta potential of the
surrounding ferrite and that the Volta potential difference between martensite and ferrite was large,
which improved the electrochemical activity of the dual-phase microstructure and accelerated the
progress of corrosion [19,20]. However, Figure 7a shows that the Volta potential of bimodal ferrite was
low and there was no obvious Volta potential difference in bimodal ferrite. It is more difficult to form
a dense and protective rust layer on the dual-phase microstructure than the bimodal microstructure.
Therefore, when the corrosion time exceeded 72 h, the decrease of corrosion rate in the bimodal ferrite
steel was faster due to the massive formation of compacted rust layers that can effectively hinder the
permeation of the corrosion medium.

After immersion testing for seven days, the corrosion morphologies of the samples after removing
corrosion product are shown in Figure 8. Figure 8a,b show that the corrosion of the two experimental
steels were non-uniform, with pitting areas and full corrosion areas. Figure 8c,d show enlargement
of the full corrosion area in both steels. Figure 8e,f shows enlargement of the pitting area in both
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steels. It can be seen that corrosion of dual-phase steel was more serious, and the corrosion depth
of dual-phase steel was larger than that of bimodal ferrite steel. As mentioned earlier, there were
several defects in the martensite substrate, which accelerated the corrosion of samples, facilitated the
extension of corrosion pits in the substrate. And were not conducive to the formation of a compact rust
layer. The result of the SKPFM test also showed that the Volta potential difference between martensite
and ferrite was large, as shown in Figure 7b. However, Figure 7a implies that the Volta potentials of
very few regions were high in bimodal ferrite steel. There was probably a micro battery between the
nanoscale precipitates and substrate in the fine grain region.

 

Figure 6. The rate of weight loss for dual-phase steel and bimodal ferrite steel (annealed for 40 min).

 

Figure 7. Volta potential images of (a) bimodal ferrite steel and (b) dual-phase steel.
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Figure 8. The corrosion morphologies of samples with corrosion product removed (a,c,e)—bimodal
ferrite steel; (b,d,f)—dual-phase steel.

The results of the electrochemistry test are shown in Figure 9. Figure 9a shows that passivation
regions were observed in both steels. When the samples were placed in the electrolyte, ion exchange
between the sample surface and the solution gradually formed a dynamic balance. When voltage
was applied, this dynamic balance was quickly destroyed and the electrode potential increased
rapidly, leading to the increase of current density and accelerated the corrosion. However, with the
increase in corrosion time, the sample surface was gradually passivated. The electrode potential
continued to increase but the current was nearly constant at this stage. This current is known as the
passivation current which can be used to characterize the corrosion resistances of metals. The smaller
the passivation current is, the better the corrosion resistance is [35]. Hence, the corrosion resistance
of bimodal ferrite steel was better than that of dual-phase steel, as shown in Figure 9a. With the
further increase of potential, the current increased instantaneously. Here, voltage corresponded to
the breakdown voltage of the passivation film, which can be used to characterize the stability of the
passivation film. The higher the breakdown potential is, the better the stability of passivation film
is [36]. Therefore, the stability of the passivation film in bimodal ferrite steel was better than that of
dual-phase steel, as shown in Figure 9a. The electrochemical impedance spectrum (EIS, shown in
Figure 9b) results showed that the radius of EIS in the bimodal ferrite steel was larger than that of
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dual-phase steel. The higher the radius of EIS, the stronger the stability of the passivation film [37–39].
Therefore, the enhancement of corrosion resistance of the bimodal structure ultrafine-grained ferrite
steel was mainly achieved by promoting the formation of a dense rust layer and strengthening the
stability of the rust layer.

Figure 9. The results of the electrochemistry test: (a) polarization curve and (b) AC impedance spectroscopy.

4. Conclusions

1. With the annealing time increasing, deformed ferrite and deformed martensite gradually
recrystallized. When the samples were annealed at 650 ◦C for 40 min, a bimodal microstructure
was obtained and the fine grain region and coarse grain region were distributed in bands. The peak
value of the fine grain region was 0.91 μm, the peak value of coarse grain region was 1.9 μm.

2. Bimodal structured ultrafine-grained ferrite steel had better comprehensive mechanical properties
than dual-phase steel. This is mainly because the hard fine grains were embedded in the soft
coarse grains to form a lamellar interphase structure. The fine-grained strengthening, back-stress
strengthening, and precipitation strengthening produced by the lamellar interphase structure
contributed to the excellent match of strength and ductility. Meanwhile, complete ferrite with
ultrafine grains was conducive to the appearance of the yield plateau.

3. The neutral salt spray, immersion, SKPFM, and the electrochemistry tests showed that the
corrosion resistance of bimodal ferrite steel was better than that of dual-phase steel. The main
reason was there were several defects in the martensite substrate and the potential difference
between martensite and ferrite was large, which accelerated the corrosion process and was not
conducive to the formation of a compact rust layer. On the contrary, the substrate of bimodal
ferrite microstructure contained fewer defects and there was no obvious potential difference,
which was detrimental to the occurrence and development of corrosion and conducive to forming
a protective rust layer. Therefore, the bimodal structured ultrafine-grained ferrite steel possessed
excellent corrosion resistance.
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Abstract: Grain boundary engineering (GBE) is a thermomechanical processing technique used to
control the distribution, arrangement, and identity of grain boundary networks, thereby improving
their mechanical properties. In both GBE and non-GBE metals, the phenomena of abnormal grain
growth (AGG) and its contributing factors is still a subject of much interest and research. In a previous
study, GBE was performed on minimally strained (ε < 10%), commercially pure Nickel-200 via cyclic
annealing, wherein unique onset temperature and induced strain pairings were identified for the
emergence of AGG. In this study, crystallographic segmentation of grain orientations from said
experiments are leveraged in tandem with image processing to quantify growth rates for abnormal
grains within the minimally strained regime. Advances in growth rates are shown to vary directly
with initial strain content but inversely with initiating AGG onset temperature. A numeric estimator
for advancement rates associated with AGG is also derived and presented.

Keywords: abnormal grain growth; grain boundary engineering; electron backscattered diffraction;
growth rate

1. Introduction

Abnormal grain growth (AGG) is a mechanism by which a subset of grains grow at a rate faster
than others. AGG is of significance because, like many other grain-scale and sub-grain-scale features
such as freckles [1,2], precipitates [2], or dendrite arm spacing [3], AGG has been shown to have a
significant effect on properties across many material systems under various loading conditions [4–7].
The exact mechanisms underpinning the occurrence of AGG are still unclear and remain a subject of
much interest and research. Though debate on specific mechanisms exists, most authors agree that the
formation of AGG is related to low-energy, high-mobility grain boundaries such as ∑3 and its variants
(e.g., ∑9 and ∑27) [8–16]. This is of note as Grain Boundary Engineering (GBE) is a specific type
of thermomechanical process used to improve material properties by altering their grain boundary
network and often resulting in increased frequency of ∑3 boundaries [17,18].

In a previous study by the authors, GBE was performed on commercially pure Nickel-200
cold-worked to plastic strains (ε) of 3%, 6%, and 9%, respectively. This pre-strained material was then
subjected to cyclic annealing schedules in which the dwell temperature was increased with each cycle.
Among these cases, greater initial cold-work resulted in lower AGG onset temperatures. Specifically, for
ε = 0%, 3%, 6%, and 9%, AGG was initially observed at 780 ◦C, 760 ◦C, 740 ◦C, and 720 ◦C, respectively.
Furthermore, in the vicinity of AGG, ∑3, ∑9, and ∑27, boundaries exhibited local maxima either at
or in the thermal cycle following the observed onset temperature for AGG [19]. While the kinetics of
AGG are hypothesized analytically [8,20–23], it is rather difficult to reliably ascertain abnormal grain
growth rates experimentally for a variety of reasons. These challenges include fluctuations in relative
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size needed to resolve AGG within a given region of interest [24], full discretization of AGG amidst
a population of continuously growing grains within a changing global grain size distribution [25],
and the practicality of acquiring a reasonable amount of observations within a limited thermal range
to support quantification [20].

Additionally, while texture is not a central emphasis in this work, it is noteworthy that
other studies have shown that both grain growth and recrystallization kinetics can be additionally
influenced by grain orientation and strain path [26–29]. In this work, the effect of varying thermal and
mechanical strain routes are examined specifically in relation to grain growth. To that end, one of the
aforementioned studies [19] is revisited and careful electron backscatter diffraction (EBSD) experiments,
similar to those reported in [30], are performed. In these experiments, however, EBSD is combined
with image segmentation based on crystallographic orientation to extract advancement rates associated
with initial onset (emergence) and continuing growth (progression) of abnormally large grains in a
simple Ni system.

2. Materials and Methods

Commercially pure Ni-200 bars (with dimensions of 152 mm × 6.35 mm × 6.35 mm) were
thermomechanically processed using a Stanat Model: TA 215 rolling mill (Stanat Mfg. Co. Inc.,
Westbury, NY, USA) and a Lindberg/Blue M tube furnace (Lindberg/Mph, Riverside, MI, USA),
see Figure 1. Samples were cold rolled using multiple rolling passes to achieve a desired reduction of
0%, 3%, 6%, or 9%, respectively. Once rolled, samples were metallographically polished to a 0.05 μm
colloidal silica finish. Focus ion beam (FIB) and micro-hardness indent fiducial markers were then
placed on each sample so specific regions of interest (ROIs) could be tracked throughout each stage of
the experiment while not impeding the field of view associated with any ROI. At room temperature,
EBSD was performed on the rolling direction (RD) plane of the pre-selected ROIs for the 0%, 3%, 6%,
and 9% strained cases. Samples were then cyclically and progressively annealed for 30 min at 700 ◦C,
720 ◦C, 740 ◦C, 760 ◦C, 780 ◦C, and 800 ◦C, under a flowing argon-rich or hydrogen-rich atmosphere
to prevent oxidation.

 

Figure 1. Samples were thermomechanically processed using a (a) rolling mill and (b) tube furnace.

After each annealing cycle, see Figure 2, samples were returned to room temperature and EBSD
was performed on the same pre-selected ROI to document any changes in the grain population.
Operating parameters for the collection of EBSD data utilized the following arrangement: A nominal
beam current of 4 nA, a camera binning size of 4 × 4 or 6 × 6, and an indexing step size of 0.5 or
1 μm over multiple cross-sectional areas of 500 × 500 square μm or larger. TexSEM Laboratories (TSL)
orientation imaging microscopy analysis by EDAX, Inc. (Mahwah, NJ, USA). was used to analyze
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EBSD data and all EBSD maps were filtered using the Neighbor Confidence Index (CI) Correlation
followed by Grain CI Standardization cleanup processes, where an average confidence index of >0.1
was used. The reader is directed to reference [19] for additional information regarding the experimental
procedure should further detail be desired.

Figure 2. Cyclic annealing schedule with increasing isothermal dwelling anneals used in this study.
(Reproduced with permission from [19], © 2016 ASM International and Springer Science + Business
Media New York, 2016; EBSD: Electron backscatter diffraction.)

Grain boundary characterization for the unstrained “as-received” Nickel-200 material is shown
in Figure 3. The mean grain size diameter, including twin boundary distributions, displayed a near
Gaussian distribution with a mean grain size of 7 μm and an area fraction mode of 20% at a grain size of
15 μm, Figure 3a. The polycrystalline material also bore no specific bias in texture or anisotropy in grain
morphology but presented a twin-containing equiaxed microstructure, see Figure 3b–e. The orientation
maps and pole figure in Figure 3c–e are shown with respect to the RD.

Figure 3. Baseline grain boundary metrics for unstrained, commercially pure Ni-200. (a) Grain area
fraction distribution; (b) electron backscatter diffraction (EBSD) grain contrast map; (c) grain orientation
map with inverse pole figure (IPF); (d) orientation distribution function map and (e) pole figure.
(Orientations reported with respect to the rolling direction (RD), normal direction (ND) and transverse
direction (TD) for (c–e); Adapted with permission from [19], © 2016 ASM International and Springer
Science + Business Media New York, 2016.)
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3. Results

For initial induced strains of 0%, 3%, 6%, and 9%, a series of EBSD maps are shown in Figure 4
where a given ROI is maintained along each row. Each cell reveals the EBSD map acquired following a
specific cyclic annealing dwell temperature. As can be seen, AGG was observed to initiate at 780 ◦C
for 0% strain; 760 ◦C for 3% strain; 740 ◦C for 6% strain; and 720 ◦C for 9% strain. For the cases
in which abnormal grain growth was observed, bimodal distributions for grain size were also seen.
Grains occupying the secondary peak of these bimodal distributions, which corresponded to higher
mean grain sizes, were considered abnormally large [19]. Quantitatively, these grains corresponded to
the upper 30% of their specific grain-size distributions across nearly all cases. So in this way, a consistent
numeric threshold was applied for delineation of abnormally large grains. In Figure 4, these grains are
outlined in black to assist in clearly identifying their locations and presence.

Figure 4. EBSD progression maps for 0% (a–f), 3% (g–j), 6% (k–n), and 9% (o–q) induced strain
following annealing treatments ranging from 700 ◦C to 800 ◦C. Abnormally large grains are outlined
in black. (Orientation is shown with respect to the rolling direction (RD); Adapted with permission
from [19], © 2016 ASM International and Springer Science + Business Media New York, 2016.)

Inverse pole figure (IPF) maps with respect to the rolling direction (RD) for the ROIs presented
in Figure 4 are shown below in Figure 5. The white circles indicate the orientations associated with
the abnormally large grains. Minor changes in the texture populations contained within the ROIs are
observable at or immediately before the onset of AGG. As might be expected, the population shifts
are clearly indicative of the abnormally large grains increasingly occupying significant portions of the
ROIs. However, the IPF maps also reveal that among the fields of view investigated, there appears to
be no singularly preferred orientation among abnormally large grains in this study.
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Figure 5. Inverse pole figure maps for 0% (a–f), 3% (g–j), 6% (k–n), and 9% (o–q) induced strain
following annealing treatments ranging from 700 ◦C to 800 ◦C. White circles indicate the location of
abnormally large grains. Orientation is shown with respect to the rolling direction (RD).

By utilizing the inherent segmentation available through the differentiation of crystallographic
orientations, abnormally large grains were identified, as shown in Figure 4, and then isolated within
their fields of view, see Figure 6. These sequestered grains were then used to calculate a local AGG area
fraction measurement. By utilizing each successive area fraction, the rates of AGG were determined
for both their onset and continued growth behavior. While differences in growth rates for twin
and non-twinned grains are not captured here, the experimental quantification of the aggregate
development of abnormal grain growth is notable.

 

Figure 6. AGG (abnormal grain growth) identification progression maps for 0% (a–f), 3% (g–j),
6% (k–n), and 9% (o–q) induced strain following annealing treatments ranging from 700 ◦C to 800 ◦C.
(Orientation is shown with respect to the rolling direction (RD); Adapted with permission from [19],
© 2016 ASM International and Springer Science + Business Media New York, 2016.)
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The measured area fractions of abnormally large grains are plotted as a function of annealing
temperature associated with their AGG onset, see Figure 7a. These area fractions are also shown as
a function of the number of thermal cycles (n) beginning with the cycle prior to AGG, see Figure 7b.
The error bars shown depict the area fraction variability associated with a ±10% adjustment to the
upper 30% grain size threshold value imposed. As can be observed, the growth rates for all strain levels
exhibit a rather consistent two-stage behavior. Where stage 1 appears relatively slow and coincides
with the initial observation of AGG, and stage 2 continues rapidly once AGG has clearly presented
itself. This more rapid stage is seen to advance at a rate roughly 3 times that of stage 1 for the 0%,
3%, and 9% cases, see Table 1. For convenience, the authors will henceforth refer to stage 1 growth as
“emergence” and stage 2 as “progression”. Due to challenges associated with reliably identifying the
emergence stage for the 3% case, emergence rates are not reported for 3% strain.

 
Figure 7. Area fraction of abnormally growing grains for 0%, 3%, 6%, and 9% induced strain as
a function of (a) temperature and (b) thermal cycle.

Table 1. Emergence and progression rates for abnormally growing grains.

ε (%)
Emergence Progression

Progression/Emergence
Δ (Area Fraction n = 1–0) Δ (Area Fraction n = 2–1)

0 3.03 11.23 3.71
3 - 17.12 -
6 7.34 21.55 2.93
9 10.97 36.25 3.30

As seen in Figure 7, the greater the initial strain content, the higher the rate of abnormal grain
growth in both the emergence and progression stages. Alternatively, the higher the AGG onset
temperature, the slower the overall AGG advancement. While twinned and non-twinned grains were
not differentiated in this analysis, the evolution of grains occupying large regions of cross-sectional area
within their physical neighborhood were tracked rather successfully. To provide a more generalized
extrapolation of these relative rates, the derivative of the parabolic curve fits in Figure 7b are provided
in Figure 8. Here, each data series corresponds to a specific strain content and is denoted by color.
The data markers provide the exact values of the calculated differential for up to 10 thermal cycles.
Again, no calculated differential values for 3% are included due to the unavailability of a second order
polynomial to differentiate.

Figure 8 illustrates a few informative trends. First, AGG in Ni-200 manifests unique growth rates
for a given strain irrespective of the number of cyclic annealing exposures it experiences.
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Figure 8. Rate of abnormal grain growth for low strained Ni-200 as a function of the number of thermal
annealing cycles.

Stated another way, the initial strain content appears to strongly influence the emergence rate,
and this imprint is preserved as abnormal grain growth continues. This estimation can be further
simplified and approximated mathematically for all observed strains. This empirical relationship is
provided in Equation (1) where:

d (Afraction)

d(n)
= 8.2n + (

ε 2.1

6
)n. (1)

In this instance, n is the quantity of cyclic thermal anneals and ε is the initial plastic strain.
These predictive estimates are also included in Figure 8 as dashed lines to assist with their identification
in comparison to the calculated differentials. Please note: A numerical prediction provided by
Equation (1) is included for an initial 3% strain case by a dashed line, despite the current work’s inability
to experimentally resolve the emergence rate for 3% strain. However, as can be seen, the predictive
agreement is quite reasonable across all strain series shown. Furthermore, Equation (1) also illustrates
that higher strain AGG rates can be estimated with a nominal (0%) AGG rate, when further incentivized
by the added contribution of the higher strains as provided in the second term of Equation (1).
As shown, the numeric approximation must also be accompanied by an appropriate set of prefactors.
These values are provided in Equation (1) based on the experiments performed here. This suggests
that in the case of consistent AGG advancement from repeated cyclic anneals, at least within the low
strain regime, a methodology for the prediction of AGG advancement may be reasonably devised by
clearly understanding or merely quantifying the unstrained AGG rates and the relevant scaling factors
associated with additional strain content.

4. Discussion

The authors acknowledge that the findings of this work are derived from a limited
number of observations within a single and specific lot of a commercially pure Ni-200 material,
thermomechanically processed by rolling and exposure to a specific, consistent, and repeated cyclic
annealing heat treatment. It should be anticipated that the specific area fraction measurements may
be influenced by a number of these factors. Specifically, the most influential factors may be the
cross-sectional areas selected for ROIs within each EBSD map, the 20 ◦C thermal jump between dwells,
the 30 min dwell-time interval, and even the utilization of rolling to impart initial plastic strain. While
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these factors may introduce quantitative variation into specific measures, the authors assert these
differences are likely to be insignificant to the fundamental trends observed. It has been shown that
differing average grain size and cumulative area fractions can be obtained within the same pre-strained
material under cyclic or isothermal annealing by introducing variations in dwell temperature, ramp
rate, or hold times. However, once normalized by the local mean grain size, these varying distributions
converge to a singular, invariant, cumulative fraction distribution [31]. Likewise, AGG observations
could reasonably be expected to follow a similar convergence behavior when multiple observations
are normalized to the local mean grain size present. The authors would further assert that the true
benefit of this study is held in the observation of self-similar AGG rates being clearly and quantifiably
related to initial plastic strain when exposed to equivalent, consistent, and repeated thermal exposures,
not the specific area fractions reported in themselves.

Furthermore, the systematic observations across a breadth of strains and temperatures are notable
in that AGG is shown to be predictively related to initial strain content. As seen here, initial strain bears
a definite and significant influence on not only the emergence rate for AGG, but also, by extension,
the continued progression rate. These findings are supported by the work of Decker et al. [32],
He et al. [33–35], and Cho et al. [36], who all showed that among instances of self-similar AGG,
initial strain content can serve as a significant driving force for grain boundary migration among
low-energy, high-mobility grain boundaries [9,36,37]. In this work, this driving force is incorporated
into the predictive estimate for AGG advancement as a superposition of a nominal rate (where ε = 0)
combined with a weighted contribution from the additional plastic strain present. While good
agreement has been achieved here, further experiments, along the lines of those reported herein, could
additionally refine these observations and/or develop similar descriptions for other material systems.
Such experiments would, however, require identification of self-similar AGG across a collection of
strains and temperatures as a pre-requisite.

Two specific studies to further elucidate the AGG advancement rates reported here could include:
(1) Capturing regions of interest larger than 500 × 500 square μm to acquire greater grain populations
for measurement, and thereby increase the potential for identification of additional AGG events;
or (2) decrease the cyclic annealing thermal or dwell time intervals to values smaller than 20 ◦C or
30 min, respectively. This would allow the examination of AGG emergence and progression across smaller
observation spans. Further studies of this type would either grow the range of instances available for data
collection or increase the resolution and granularity over which the AGG phenomena could be observed.

5. Conclusions

(1) Emergence and progression rates for abnormally large grains in minimally strained, commercially
pure Ni-200 were observed experimentally by EBSD and quantified using image segmentation
based on crystallographic orientation and grain size distributions.

(2) Emergence and progression growth rates were shown to scale directly with increased initial strain
content and inversely with onset AGG temperature.

(3) A predictive estimate for the rate of AGG area fraction advancement, as a function of repeated
thermal cycles, was determined based on the derivative of the experimental area fraction
measures. This estimate has the following form:

d (Afraction)

d(n)
= C1n + (C2εα)n, (2)

where for the experiments performed herein, C1 = 8.2, C2 = 1/6 and α = 2.1.
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(4) This numeric estimate indicates two notable implications:

i. Area fraction advancement rates for AGG in minimally strained, commercially pure Ni-200
proceed at unique rates for a given initial strain content;

ii. This advancement rate can be reasonably approximated across the low strain regime by the
superposition of a nominal rate (where ε = 0) combined with the contribution of additional
plastic strain (ε), modified by some prefactor value (C2), and scaled by an appropriate
exponential (α).
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Abstract: The microstructure and texture evolution of Ti-5Al-5Mo-5V-1Cr-Fe alloy during hot
compression were investigated by the electron backscatter diffraction technique. The results reveal
that two main texture components containing <100> and <111> fiber textures form after the hot
compression. The fraction of each component is mainly controlled by deformation and strain rate.
Dynamic strain-induced boundary migration (D-SIBM) is proved to be the reason that <100>-oriented
grains grow towards <111>-oriented grains. The <100>-oriented grains coarsen with the increasing
<100> texture intensity. Dynamic recrystallization (DRX) occurs under a low strain rate and large
deformation. The DRX grains were detected by the method of grain orientation spread. The DRX
grains reserve a <100> fiber texture similar to the deformation texture; however, DRX is not the main
reason causing the formation of a strong <100> texture, due to its low volume fraction.

Keywords: hot compression; dynamic recovery; dynamic recrystallization; texture

1. Introduction

Titanium and titanium alloys are widely used for aviation, aerospace, marine, and other special
applications owing to their low density, high strength, and good fatigue and corrosion performance.
Thermomechanical processing is usually used for titanium alloys to improve their mechanical
properties by changing their microstructure. The microstructure and mechanical properties of titanium
alloys are sensitive to processing parameters such as deformation temperature and strain rate [1,2].
The hard processing characterization of titanium alloy is also a problem during industrial
manufacture [3]. Many titanium alloys are hot processed in the β single region to obtain a
homogeneous microstructure.

Textures of the β phase in many titanium alloys have been investigated by many researchers [4–6].
Different texture components occur under different processing parameters, and the evolution of texture
would determine the mechanical properties of titanium alloys [7]. Kou et al. [8] revealed the texture
revolution of Ti-15Mo-3Al-2.7Nb-0.2Si alloy during hot rolling. With increasing rolling reduction,
the texture of the sample changed evidently and the final texture of rolling was a weak Goss texture in
the β phase. Kim et al. [9] obtained a well-developed {001} <110> texture in Ti-22Nb-6Ta alloy under
cold rolling and heat treatment at 873 K, and a {112} <110> recrystallization texture was developed
after the heat treatment at 1173 K. Some specific textures may cause heterogeneity or poor fatigue
performance; as a result, revealing the regularity of texture evolution for controlling its production is
apparently important. Previously, we studied a strong <100> texture in Ti-5Al-5Mo-5V-1Cr-1Fe forged
bar, illustrating that repeated recovery caused by the formation of large <100>-oriented grains [10].

Dynamic recovery of the β phase is quite common during hot deformation, and recrystallization
occurs under some special deformation processes [11,12]. Dynamic recrystallization of a hot-rolled
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titanium and its effects were studied by Chen et al. [13]. They concluded that the weakening of the
texture was associated with the rotation of the dynamic recrystallization grains towards the preferred
slip systems, leading to large misorientations between them. The texture of dynamically recovered
β phase differs greatly from the dynamic recrystallization β phase. Li et al. [14] studied the effect of
dynamic restoration on texture evolution. A strong <001> fiber texture develops where only dynamic
recovery (DRC) occurs, and the deformation texture is weakened to a large extent after recrystallization.
The texture of compressed molybdenum always has a similar characteristic with β titanium, because
of the same body-centered cubic structure. Sophie et al. [15] observed strong <100> fiber texture and
<111> fiber texture in compressed samples, and the volume fraction of <100> texture increased with
increasing true strain and deformation temperature. Although the dynamic recovery and dynamic
recrystallization during hot deformation have been investigated by various techniques, the effect
of each mechanism on texture evolution remains unclear. Moreover, the formation of strong <100>
fiber texture under a low strain rate and high deformation temperature needs to be revealed from its
microstructure evolution.

This study focused on investigating the growth mechanism of <100>-oriented grains from low
strain to high strain. The orientation characterizations of Ti-5Al-5Mo-5V-1Cr-1Fe alloy under different
strain rates and compression temperatures were studied by the electron backscatter diffraction (EBSD)
technique. The dynamic recrystallization grains were selected by the grain orientation spread (GOS)
method to reveal the effect of dynamic recovery and recrystallization on texture evolution.

2. Materials and Experimental Procedures

The Ti-5Al-5Mo-5V-1Cr-1Fe alloy used in this study was obtained from a hot forged bar with
a diameter of 350 mm. The composition of the alloy was 5.23 Al, 4.85 Mo, 4.93 V, 0.92 Cr, 1.17 Fe,
and balance Ti. The β → α + β transus temperature of Ti-5Al-5Mo-5V-1Cr-1Fe was approximately
1143 K.

Cylindrical samples 6 mm in diameter and 12 mm in height were manufactured from the
as-received Ti-5Al-5Mo-5V-1Cr-1Fe titanium bar. Before compression, each sample was heated to
1223 K and held for 5 min to obtain homogeneous β phase grains. The compression was accomplished
using a Gleeble-1500 machine (DSI, St. Paul, MN, USA). The heating method was resistance heating
with thermocouple to measure the temperature. And there was weak temperature fluctuation during
the compression. The strain rates were 0.01 s−1, 0.1 s−1, 1 s−1 and the height reductions were 20%,
40%, 60%, and 80%. All the samples were quenched by water to retain the deformed microstructure,
except those which were slowly cooled to achieve recrystallization. Two other samples under 60%
compression with 1 s−1 at 1153 K were slowly cooled by 1 K/s to obtain static recrystallization.

The section along and perpendicular to the compressing direction (CD) of the compressed
samples was prepared for microstructure and texture determination. For EBSD examination
(Oxford Instruments, London, UK), the samples were electropolished with a polishing solution of 5%
perchloric acid and 95% ethyl alcohol using at 30 V for 30 s at room temperature. An EBSD system
(Channel 5), mounted on an Ultra55 scanning electron microscope (ZEISS, Oberkochen, Germany),
was applied to reveal the orientation feature and texture evolution under compression. The work
distance for the EBSD test was 16 mm. The tested area was about 2 mm × 1.5 mm and the number
of pixels was about 120,000 for each samples. The recrystallization grains were determined through
the GOS method, which shows the orientation spread of all the grains. They were considered
recrystallization grains once the GOS reached below 2◦.

3. Results and Discussions

3.1. Initial Microstructure

There is no strong texture component in the as-received forged Ti-5Al-5Mo-5V-1Cr-1Fe alloy bar
(forged 10 times around the transus point, with α + β two phases), shown in the {100} pole figure in
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Figure 1a. The microstructure of Ti-5Al-5Mo-5V-1Cr-1Fe alloy after being held at 1223 K for 5 min is
shown in Figure 1b. The initial grains of the alloy are equiaxed with a size in the range of 80–100 μm.

Figure 1. {100} Pole figure (a) of the as-received Ti-5Al-5Mo-5V-1Cr-1Fe alloy bar and original
microstructure; (b) after solution treatment.

3.2. Texture Evolution during Hot Compression

Deformation parameters including the strain and strain rate exert an important effect on the
texture components during hot compression around β transus temperature. Figure 2 shows the
EBSD test results of the samples compressed at different strain rates of 1 s−1, 0.1 s−1, and 0.01 s−1

by reductions of 20%, 40%, 60%, and 80% at 1153 K. Figure 3 shows the fractions of two main fiber
textures including <100> and <111> fiber textures. The two main texture components of the sample
with 1 s−1 strain rate nearly retained the same volume fraction after 40% compression. The intensity of
the <100> fiber texture increased with decreasing strain rate. In particular, the sample compressed
with 80% reduction under 0.01 s−1 strain rate only showed <100> texture. Thus, it can be deduced
that at the initial stage of compression, the strain rate has a weak effect on the texture evolution.
With increasing deformation, low strain rate may be beneficial for the development of <100> texture,
and <111> texture gradually weakened or even vanished.

Figure 2. Orientation maps with IPF (inverse pole figure) colors by EBSD (electron backscatter
diffraction) under different parameters: (a1)–(a4) are under 1 s−1 with 20%, 40%, 60%, and 80%
reduction; (b1)–(b4) are under 0.1 s−1 with 20%, 40%, 60%, and 80% reduction; (c1)–(c4) are under
0.01 s−1 with 20%, 40%, 60%, and 80% reduction; the compressing temperature is 1153 K.
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Figure 3. Fractions of <100> and <111> fiber textures under different strains and strain rates
corresponding to Figure 2, the compressing temperature is 1153 K: (a) <100> fraction distribution;
(b) <111> fraction distribution.

3.3. Dynamic Recrystallization during Hot Compression

Dynamic recrystallization has an important effect on the microstructure and texture evolution
during hot compression. Li et al. [14] considered that DRX (dynamic recrystallization) enhanced with
increasing strain rate as the dislocations accumulate rapidly, providing sufficient driving force for the
transformation of the low angle boundaries into the high angle boundaries. Dynamic recrystallization
grains under different compressing parameters were selected through the GOS value [16,17]. It is
identified that the GOS of the recrystallized grains are below 2◦. The EBSD mappings ranking the
GOS of the samples corresponding to Figure 2 are shown in Figure 4. At higher strain rate, dynamic
recrystallization could hardly happen and the microstructure of the samples is in the completely
deformed state. The volume fraction of dynamic recrystallization distinctly rises with increasing
deformation and decreasing strain rate. As recrystallization is a time-consuming process, the time
is not enough for dynamic recrystallization under the condition of high strain rate. The size of
the recrystallized grain is larger in lower strain rate compressed samples than in higher strain rate
compressed samples. Figure 5 shows the orientation characterization of the recrystallization grains.
The nucleation of dynamic recrystallization is almost located at <100>-oriented grain boundary.
The misorientation inside the <100>-oriented grains increases with the rotation of each grain during
compression. After full recovery, the dislocations in the <100>-oriented grains tangle together and
sub-grains form inside the grains with the accumulation of dislocation clusters. Sub-grains at the
grain boundary begin to grow, and their deviation from the original grain increases further and
some nucleation of dynamic recrystallization then forms at the grain boundary. The recrystallized
grains generate from the <100>-oriented grains and, as a result, the new dynamic recrystallized
grains present a <100> recrystallization texture inherited from the initial texture. However, the <100>
texture intensity is lower than the compressed grains which have not recrystallized. The dynamic
recrystallization proportion in sample c4 has an obvious increase compared to other samples, and
the dynamic recrystallization grain fraction is only 15.5%. As a result, dynamic recrystallization is
beneficial for the formation of <100> fiber texture to a certain extent; however, it is not the main reason
for this formation because of its low volume fraction.

45



Metals 2017, 7, 412

Figure 4. Grain orientation spread of the samples with different parameters: (a1)–(a4) are under 1 s−1

with 20%, 40%, 60%, and 80% reduction; (b1)–(b4) are under 0.1 s−1 with 20%, 40%, 60%, and 80%
reduction; (c1)–(c4) are under 0.01 s−1 with 20%, 40%, 60%, and 80% reduction; the compressing
temperature is 1153 K; the blue grains are selected as the recrystallization grains.

Figure 5. Orientation characterization of recrystallization grain of sample c3: (a) orientation distribution
map of recrystallized grains with IPF colors; (b) {100} and {111} pole figures of the deformed grains;
(c) {100} and {111} pole figures of the recrystallized grains.

3.4. D-SIBM (Dynamic Strain-Induced Boundary Migration) about <100>-Oriented Grains

Although dynamic recrystallization would occur during hot compression, deformed grains with
a highly dynamic recovered state often dominate the evolution of the compressed microstructure.
Warchomicka et al. [18] revealed that the main dynamic restoration mechanism is dynamic recovery
for the hot compressed Ti55531 alloy at all the deformation parameters. Dynamic recovery could not
solely change the deformation texture, and dynamic recrystallization is not enough to change the
deformation texture because of its low volume fraction, as discussed in Section 3.2. Strain-induced
boundary migration (SIBM) is an important mechanism during the recrystallization of deformed
metals [19]. Nucleation would be initiated at the grain boundaries with the SIBM due to different
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stored energies and dislocation densities between <100>-oriented grains and <111>-oriented grains.
The orientation of new grain may be different than either of the initial grains or be similar to one
of the neighboring grains. The stored energy is partially released by dynamic recovery, but is not
enough for the nucleation of dynamic recrystallization. The storage energy and dislocation density still
remain different between <100>-oriented grains and <111>-oriented grains during hot compression.
Primig et al. [15] considered that the <111>-oriented grains have a larger Taylor factor than <100>
grains in molybdenum alloy when {101} and {112} slip systems are taken into account for the calculation
in bcc (body-centered cubic) metals. As a result, <111>-oriented grains have a higher stored energy
during compression. The bcc titanium alloy has the same crystal structure as the molybdenum alloy.
Therefore, it provided a driving force for the grain boundary migration from <100>-oriented grains to
<111>-oriented grains rather than nucleation in the grain boundary. As a result, the <100>-oriented
grains grow and the <111>-oriented grains are gradually merged in a grain growth process during
hot compression. Therefore, dynamic strain-induced boundary migration (D-SIBM) is proposed to
illustrate the microstructure evolution. D-SIBM is the main mechanism along with deformation and
dynamic recovery of the microstructure, which is different than SIBM during static recrystallization.
In the case of low strain rate, dislocations are eliminated because of its rapid recovery rate. Orientation
mappings have been tested by the EBSD method to observe the dynamic process of the migration
from the <100>-oriented grains to <111>-oriented grains during compression as shown in Figure 6.
The grains are at an initially deformed state towards <100> and <111> orientations with the reduction
of 40%. With increasing deformation, it can be concluded that the orientations of the deformed grains
rotate to <111> or <100> orientations from their initial orientations. As a result, orientations of the
deformed grains become stable around <100> and <111>. Meanwhile, the grain boundary migrates
more markedly from <100>-oriented grains to <111>-oriented grains, as shown with black arrows
in Figure 6. A bowed grain boundary is found in the samples with 40% reduction, and D-SIBM
mechanism is proven to be the main path for the growth of <100> grains and the decrease in <111>
grains. Eventually, the <100>-oriented fiber texture occupies over 80%, and the <111> fiber texture
nearly vanishes when the compressing reduction reaches 80%, as shown in Figure 3b.

Figure 6. EBSD map with IPF colors of a sample at a strain rate of 0.01 s−1 and 40% reductions at
1153 K perpendicular to CD (compressing direction); bowed grain boundaries during migration are
shown with white arrows; variation in orientation of deformed grains are shown with {111} and {100}
pole figures.

3.5. Recrystallization after Hot Compression

When the compressed sample at a strain rate of 1 s−1 is held at the compressing temperature or
treated at a low cooling rate, the sample would recrystallize. To study the process of recrystallization,
a partially recrystallized microstructure was obtained at a 1 K/s cooling rate after compression, shown
in Figure 7a,b. A weak <100> texture was retained for the partial recrystallized grains. The location of
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the new grains is almost at the tip of the deformed grains, and can provide more stored energy for
recrystallization. The microstructure and texture of the fully recrystallized sample after compression
are shown in Figure 7c,d. It can be clearly indicating that the texture of recrystallization is nearly in
a random orientation, which is quite different from the deformed texture. Only an extremely weak
<100> texture is preserved, because the <100>-oriented grains may be restored to a certain degree
during compression. As a result, there is hardly texture inheritance during recrystallization.

The <100> texture is common in a compressed β-titanium alloy, and it is harmful to the mechanical
properties because of its large <100>-oriented grains and the low elasticity modulus from the <100>
direction. As the mechanism of static recrystallization is different from dynamic recrystallization,
texture is also different under the two conditions. Deformation with a relatively high strain rate and
static recrystallization during the heat treatment would weaken the deformation texture and refine the
grain size.

Figure 7. Orientation maps with IPF colors and {100} pole figure of partial recrystallization and
complete recrystallization of the sample cooled by 1 K/s after compression with a reduction of 60% at
1153 K and 1 s−1 strain rate; (a,b) cooled to 1123 K and then water quenched, partial recrystallization;
(c,d) cooled to 1073 K and then water quenched; complete recrystallization; the colored grains are
recrystallized grains and the grey grains are deformed grains.

4. Conclusions

(1) Dynamic recrystallization under different parameters during hot deformation was investigated.
Low strain rate and large deformation could induce the formation of dynamic recrystallization.
Time is a critical factor causing the formation of this type of dynamic recrystallization. The texture
after dynamic recrystallization is the <100> fiber texture, similar to the deformed texture.

(2) Dynamic strain-induced boundary migration was discovered during the low strain rate
compression and is considered as the main mechanism causing the formation of a strong <100>
texture during compression at a high temperature and low strain rate. The increasing temperature
and strain rate of hot compression could promote the migration of <100>-oriented grains towards
<111>-oriented grains. As a result, the <100> texture would be strengthened and the <111>
texture would be weakened.

(3) To control the texture of the BCC titanium alloys, high strain rate and recrystallization after
compression should be applied during hot deformation, which would be beneficial to eliminate
the strong <100> texture. Nucleation of static recrystallization in the hot-compressed samples
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forms at the tip of the deformed <111>-oriented grains in the samples with 1 s−1 strain
rate because of the inhomogeneous strain inside these grains. The texture after complete
recrystallization is a weak <100> texture, close to the random orientation distribution.
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Abstract: Effect of high-pressure torsion (HPT) at 400 ◦C on microstructure and microhardness of a
Ti/TiB metal–matrix composite was studied. The starting material was produced by spark plasma
sintering of a mixture of a pure Ti and TiB2 (10 wt %) powders at 1000 ◦C. The microstructure evolution
during HPT was associated with an increase in dislocation density and substructure development
that resulted in a gradual microstructure refinement of the Ti matrix and shortening/redistribution of
TiB whiskers. After five revolutions, a nanostructure with (sub) grain size of ~30 nm was produced in
Ti matrix. The microhardness increased with strain attaining the value ~520 HV after five revolutions.
The contribution of different hardening mechanisms into the hardness of the Ti/TiB metal–matrix
composite was quantitatively analyzed.

Keywords: metal–matrix composite; high-pressure torsion; microstructure evolution; microhardness

1. Introduction

Due to high strength-to-density ratio, excellent corrosion resistance and good biocompatibility
titanium and titanium alloys are attractive for various applications, including the aerospace,
automotive, chemical and biomedical industries [1]. However, relatively low strength, hardness and
wear resistance limit the application of titanium and low-alloyed titanium alloys. One of the effective
methods to improve their strength-related mechanical properties is creating a metal–matrix composite
(MMC) by inserting ceramic fibers or particles into the Ti matrix [2–7]. In this case, high strength
and stiffness of ceramic reinforcements combine with good toughness provided by a metal matrix.
Some improvements of wear resistance and high temperature properties of MMCs (metal–matrix
composites) can also be expected [6,8–10]. Titanium alloys can be reinforced by TiB2, TiN, B4C, ZrC, TiB,
TiC, and Al2O3 [6]. Among various reinforcements, TiB seems to be the most attractive option because
it has a close to titanium density, high Young’s modulus and reasonable stability at the processing
temperatures [11,12]. In addition, TiB creates minimal residual stresses due to similarity of thermal
expansion coefficient and good crystallographic interfaces with the titanium matrix [11–13]. The effect
of TiB on the strength properties of Ti-based matrix was either as good as, if not better than, most
widely used reinforcements such as TiC or Al2O3 [7,14].

Fully dense bulk Ti/TiB specimens can be obtained in situ during the spark plasma sintering (SPS)
process through the TiB2 + Ti →Ti + 2TiB reaction [13]. The TiB crystals have a whisker-like shape
with very small (down to nano-range) diameter [13]. Due to high heating rate and high pressures,
consolidation during the SPS occurs at relatively low temperatures and within short time intervals.
Therefore, in contrast to many other sintering treatments, noticeable microstructure coarsening can
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be avoided during the SPS. However, high strength of Ti/TiB MMCs is usually accompanied by low
ductility at room temperature [11,15].

Thermomechanical treatment can considerably improve ductility and strength and decrease
ductile-to-brittle transition temperature of MMCs [15–18]. However, the microstructure evolution
of MMCs during deformation under different conditions has not been studied comprehensively so
far [19]. One of the promising ways to modify the microstructure of metallic materials considerably
is severe plastic deformation (SPD) [20], which usually resulted in microstructure refinement to the
nanoscale region. Although SPD of various materials by different methods has been a subject of
intensive investigations during few last decades [20–22], SPD of MMCs was studied insufficiently.
Recent studies on the influence of high pressure torsion (HPT) on microstructure and mechanical
properties of various MMCs composites, including Ti/Al2O3 and Ti/TiO2 [23,24], have shown that
SPD basically resulted in grain refinement of the matrix material, homogeneous distribution of the
second phase particles and diminished particle size [25], thereby enhancing both strength and ductility
of the MMCs [26]. It should be noted that the majority of known investigations of microstructure
evolution during SPD were conducted using MMCs reinforced with carbon-based or oxide particles of
nearly equiaxed shape [22–26]. Much less attention was paid to SPD of MMCs reinforced by elongated
particles or fibers, such as Ti/TiB. The processing should obviously break the TiB whiskers with high
aspect ratio and reduce the grain size of the Ti matrix. However, no information on this topic was
found in the literature.

In this work, a Ti/TiB MMC was produced by the spark plasma sintering using a Ti-10 wt % TiB2

powder mixture at a temperature of 1000 ◦C. Then the sintered composite was subjected to HPT at
400 ◦C with a number of revolutions in the interval 1–5. Microstructure evolution of the composite was
comprehensively (i.e., both Ti matrix and features of TiB whiskers were investigated) studied using
SEM (Scanning Electron Microscope) and TEM (Transmission Electron Microscope) and microhardness
measurements were used to estimate the effect of HPT on mechanical properties.

2. Materials and Procedure

Commercial Ti powders (wt % of impurities: 0.07 N, 0.05 C, 0.34 H, 0.34 (Fe + Ni) and 0.1 Si;
and TiB2 (wt % of impurities: 0.04 O, 0.04 C, 0.02 Fe) were used as the raw materials. In both cases,
the particles had an irregular shape; the average particles sizes of the Ti and TiB2 powders were ~25
and ~4 μm, respectively. A mixture of Ti powder with 10 wt % of TiB2 was prepared using a Retsch
RS200 vibrating cup mill (RETSCH, Haan, Germany) for 1 h in ethanol at the milling rotation speed
of 700 rpm. Specimens of Ti/TiB metal–matrix composite measured 19 mm diameter and 20 mm
height were produced through the SPS process under vacuum at 1000 ◦C and 40 MPa for 5 min using
a Thermal Technology SPS10-3 machine (Thermal Technology, LLC, Santa Rosa, CA, USA).

Disks measured 0.7 mm thickness and 10 mm diameter were cut from the Ti/TiB specimens using
the electric-discharge machine (Sodick Inc., Schaumburg, IL, USA) and then deformed by HPT in a
Bridgman anvil type unit using a custom-built computer-controlled device (Klement GmbH, Lang,
Austria) at 400 ◦C and 6 GPa with a speed of 1 rpm. The number of revolutions was N = 1, 2 or 5.
The corresponding shear strain level γ can be calculated as [22]:

γ =
2πNr

h
(1)

where N is the number of revolutions, r is the radius and h is the thickness of the specimen.
The temperature of deformation was chosen based on preliminary experiments; at lower temperatures
the MMC did not possess enough ductility for the SPD treatment.

X-ray diffraction (XRD) analysis was done for the shear plane of specimens using an ARL-Xtra
diffractometer (Thermo Fisher Scientific, Portland, OR, USA) with CuKα radiation. The dislocation
density was estimated as broadening of XRD peaks using Williamson-Hall method [27]. A JEOL
JEM-2100 transmission electron microscope (TEM; JEOL, Tokyo, Japan) and a Quanta 200 scanning
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electron microscope (SEM; Thermo Fisher Scientific, Portland, OR, USA) were used for microstructure
examination. Structure and mechanical properties were studied in the mid-thickness of the specimens
in the axial cross-section (using SEM and microhardness) or in the shear plane (using TEM).
SEM analysis and microhardness measurements were done at the distance of 0, or ~5 mm from
the center; the observation point for TEM was spaced ~1.5 mm from the edge of the disc.

Specimens for SEM analysis were mechanically polished in water with different SiC papers and
colloidal silica suspension; the final size of Al2O3 abrasive was 0.05 μm. Etching was carried out with
Kroll’s reagent (95% H2O, 3% HNO3, 2% HF). Thin-foil specimens for TEM characterization were
prepared by mechanical thinning followed by electropolishing on a twin-jet TENUPOL-5 at 29 V and
at −35 ◦C using an electrolyte containing 60 mL perchloric acid, 600 mL methanol and 360 mL butanol.

Vickers microhardness was determined under a load of 1 kg for 10 s. The reported hardness
values were the average of at least 10 measurements.

3. Results

3.1. Initial Microstructure

According to XRD data (Figure 1), the Ti/TiB MMC consisted of hcp (hexagonal close-packed)
α-Ti, TiB2 with a hexagonal lattice, and TiB with an orthorhombic lattice. The volume fractions of the
phases in the initial condition were 78.6% of Ti, 19% of TiB and 2.4% of TiB2.

 

Figure 1. XRD (X-ray diffraction) patterns of the Ti/TiB MMC (metal–matrix composite) sintered at
1000 ◦C.

The microstructure of Ti/TiB MMC was rather complicated to analyze since there were no
obvious links between the images obtained by either optical or scanning electron microscopy in an
unetched state using a BSE backscattered electrons; Thermo Fisher Scientific, Portland, OR, USA)
detector (Figure 2a) or in an etched state (Figure 2b–e). On the unetched surface, relatively large
light particles of different shape and size (5–10 μm) can be seen (Figure 2a). However, in the etched
condition, the microstructure of the Ti/TiB MMC consisted of TiB whiskers heterogeneously distributed
within the Ti matrix; some residual TiB2 particles were also observed (shown by arrows in Figure 2b).
The variation in density of the TiB whiskers and the presence of the remnants of TiB2 particles were
seen as dark-gray or light-gray areas on the unetched surface (areas #1–3 in Figure 2a vs. Figure 2b
and corresponding enlarged images in Figure 2c–e). The microhardness for areas #1–3 in Figure 2 was
found to be 420 ± 15 HV, 580 ± 25 HV and 940 ± 175 HV, respectively; i.e., an increase in density of
TiB whiskers resulted in an increase in hardness.
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(a) (b) 

  
(c) (d) (e) 

Figure 2. Microstructure of the Ti/TiB composite sintered at 1000 ◦C: (a) unetched; or (b–e) etched
surface. Images (c–e) correspond to areas #1–3, respectively, in (a,b).

TEM examination also revealed the TiB whiskers heterogeneously distributed in the Ti matrix
(Figure 3a). In the majority of the microstructures, a very high dislocation density was observed,
probably due to a large number of the TiB particles. Individual grains cannot be distinguished in
the microstructure, however the size of areas with relatively low dislocation density (i.e., the space
between areas with a large number of the TiB particles and high dislocation density) was ~1–1.5 μm.
The TiB whiskers had an irregular hexagonal shape (Figure 3b) with sides parallel to the (100), (101)
and (101) planes [28]. Many stacking faults were observed in the (100) plane of the TiB whisker. Due to
the presence of the orientation relationship (OR) between the TiB particles and the Ti matrix (which is
usually described as (1010)α//(100)TiB and [0110]α//[011]TiB [29]), the interphase Ti/TiB boundaries
are very clear without noticeable internal stresses. The transversal size of the TiB whiskers varied in a
wide interval from tens to few hundred nanometers with the average value of 63 ± 35 nm.

 
(a) (b) 

Figure 3. TEM (Transmission Electron Microscope) images of: (a) the initial microstructure of the
Ti/TiB composite; and (b) a cross-section of a TiB whisker.
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3.2. Microstructure Evolution during High-Pressure Torsion

The influence of HPT on the microstructure depended essentially on the distance from the
specimen center (Figure 4). In the central part, the microstructure after one revolution of HPT
did not change noticeably. At the edge of specimens (γ ≈ 45), a microstructure consisting of
dark wavy bands (elongated regions with a different density of the TiB whiskers) and black spots
(remnants of TiB2 surrounded by a “brushes” of TiB whiskers, Figure 2b) was revealed (Figure 4a).
Quite similar microstructure was observed in the center of specimens after five revolutions (Figure 4b).
Severe deformation (γ ≈ 224) achieved at the edge of specimens after five revolutions (Figure 4c,d)
formed quite homogeneous microstructure with numerous inclusions of TiB debris of different size.

(a) (b) 

 
(c) (d) 

Figure 4. SEM (Scanning Electron Microscope) images ((a–c) unetched; and (d) etched) of the Ti/TiB
MMC microstructure after HPT (high-pressure torsion): (a) one revolution at the edge of the specimen;
(b) five revolutions in the center of the specim; (c,d) five revolutions at the edge of the specimen.

The apparent length of the whiskers dropped by a factor of ~5.5 during the first revolution of HPT
and then decreased slower (by ~55%) while the number of rotation increased from 1 to 5 (Figure 5).
The length-to-diameter aspect ratio of the TiB whiskers approached values of ~5 at the final stages
HPT. For comparison, in the initial condition the aspect ratio was ~47. It should be noted that XRD
analysis (not shown) did not reveal any noticeable changes in the fraction of the constitutive phases.
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Figure 5. Apparent length of TiB whiskers in the Ti/TiB MMC after HPT.

Meanwhile, TEM analysis showed considerable refinement of the titanium matrix of the composite
as a result of HPT (Figures 6a and 7a). Deformation to γ ≈ 31 (1 revolution) resulted in the formation of
a cellular microstructure with a very high dislocation density (Figure 7b). Dislocation density measured
by XRD increased from 1.2 × 1015 m−2 in the initial condition to 1.7 × 1015 m−2 after one revolution.
The boundaries of cells were rather wide and diffuse; however, some (sub)grains with clean thin
boundaries and reduced dislocation density can also be seen in the microstructure. The average size of
cells and (sub)grains was found to be ~90 nm after one revolution of HPT (Figure 7a). The interphase
Ti/TiB boundaries were blurred due to high internal stresses caused by the high dislocation density
in the vicinity of the interfaces, however no sign of cracks or voids formation along the interfaces
was observed.

During further deformation, the microstructure almost did not change qualitatively. However,
increase in strain to γ = 62 (two revolutions) and to γ = 157 (five revolutions) decreased the size of
cells and (sub)grain to 55 and 34 nm, respectively, and increased dislocation density to 4.0 × 1015 m−2

and 8.2 × 1015 m−2, respectively (Figures 6b,c and 7).

 
(a) (b) 

Figure 6. Cont.
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(c) 

Figure 6. TEM images of microstructure of the Ti/TiB MMC after HPT: (a) one revolution; (b) two
revolutions; and (c) five revolutions.

 
(a) (b) 

Figure 7. Microstructure parameters of the Ti/TiB MMC after HPT depending on the number of
revolutions: (a) average (sub)grain size; (b) dislocation density.

3.3. Microhardness

Figure 8a shows the microhardness evolution at the center and the edge of the disks during HPT.
The microhardness at the edge of the specimen increased with strain more intensively than that in
the center. The maximum microhardness attained after five revolutions (γ ≈ 224) was ~510 HV and
485 HV at the edge and in the center, respectively. Both values were higher than those in the initial
condition; however, the increment did not exceed 10%. In comparison with the microhardness of
commercially pure titanium (Ti of 99.4% purity) subjected to HTP at room temperature (~300 HV [30]),
the reinforcement with TiB particles and further particles refinement due to HPT yield ~80% hardening.
It should be noted that the difference in hardness between the center and edge of the specimen
increased during HPT. Usually the hardness of the center of specimens “caught up” the hardness of
the edge after a certain strain [22]. However, in our case, five revolutions did not result in hardness
saturation at the edge of the specimen yet; that is why hardening in the center occurred slower.
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(a) (b) 

Figure 8. Microhardness evolution of the Ti/TiB MMC during HPT: (a) Experimental data;
and (b) contributions of various mechanism into hardness. Experimental data for the edge of the
specimen was used in (b) as a reference.

4. Discussion

The results of the present work show considerable changes in microstructure as a result of one
to five revolutions during HPT at 400 ◦C. The main changes were associated with the formation of
a nanostructure in the titanium matrix and refinement/redistribution of the TiB particles. However,
it should be noted that the microstructure was highly heterogeneous through the specimen; in the
center of the discs, the microstructure remained moderately deformed even after five revolutions
(Figure 3b). This is an obvious result of a strong gradient of the imposed strain along the radius of the
discs (see Equation (1)) and is typical of the HPT process [22].

Formation of a nanocrystalline microstructure after HPT is well documented for various metallic
materials [22] including MMCs with different matrixes and reinforcements [22]. The microstructure
evolution during HPT at room temperature is usually associated with the formation of low-angle grain
boundaries at low strains and transformation of some of these low-angle subgrain boundaries into
high-angle grain boundaries at higher strains giving rise to a considerable microstructure refinement.
Hughes and Hansen [31] ascribed this process to gradual transformation of geometrically necessary
boundaries, which separate microvolumes with different combinations of slip systems, from low-angle
subboundaries into high-angle grain boundaries. At elevated temperatures due to the development
of thermoactivated processes such a fragmented structure can transform into grain one through
continuous dynamic recrystallization (cDRX). In the investigated composite, cDRX was found to
operate during uniaxial compression at 700 ◦C [19]. Therefore, the formation of new very small
(34–90 nm, Figure 7a) grains with relatively low dislocation density and well-defined boundaries
(Figure 6) during HPT at 400 ◦C can also be attributed to the occurrence of cDRX. It worth noting that
the grain size attained in the commercial pure titanium (Grade 4) during HPT at the same temperature
was found to be much larger (approximately 250 nm) [29]. The formation of very small grains in the
Ti/TiB MMCs during HPT can be associated with a higly constrained deformation due to the present
of a large number of TiB whiskers and very high dislocation density in the initial condition. All these
factors resulted in higher flow stress of the composite in comparison with that of commercial pure
titanium. Since the size of recrystallized grains (D) depends on the flow stress (σs) as σs = KD−N,
where K and N are constants [32], an increase in flow stress during deformation should lead to the
formation of much smaller recrystallized grains, which is in agreement with the obtained result.

Another effect of severe plastic deformation on the microstructure of Ti/TiB MMC was a
considerable (by ~6 times) decrease in the length of the TiB whiskers. This change occurred in the very
beginning of the HPT (Figure 4); further straining resulted in more homogeneous redistribution of
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the TiB particles in the Ti matrix. The latter effect was mentioned by Bachmaier and Pippan [25] with
respect to various MMCs.

More interesting is to consider the effect of the observed features on mechanical properties.
The microstructural changes occurring during HPT were accompanied by a noticeable rise in hardness
(Figure 8a). The contributions of the most relevant hardening mechanisms in hardness of the composite
can be expressed as:

HVΣ = HV0 + HVρ + HVH–P+ HVTiB (2)

where HV0 denotes the friction stress, HVρ is the substructure hardening, HVH–P is the Hall–Petch
hardening and HVTiB is the precepetation hardening by debris of TiB.

The substructure hardening HVρ can be expressed as:

HVρ = MαGb
√

ρ (3)

where M is the average Taylor factor, α is a constant, G is the shear modulus, b is the Burgers vector
and ρ is the dislocation density. Typical values of M and α accepted for approximate calculations are 3
and 0.5, respectively. The Hall–Petch contribution to the strength is typically of the form:

HVH–P = Ky d−1/2 (4)

where Ky is the Hall–Petch coefficient and d is the grain size. The precipitation hardening HVTiB

(Orowan strengthening) can be calculated using the formula [33]:

HVTiB =
MGb
2.36π

ln(
0.57DS

1
3

b
)

1

(0.92.V− 1
3 − 1.14)DS

1
3

(5)

where D is the diameter of TiB whiskers, V is the volume fraction of TiB, and S is aspect ratio of
TiB whiskers.

Some input parameters for the titanium matrix were taken from [34]: Ky = 0.3 MPa·m1/2,
HV0 = 496 MPa and b = 2.9 × 10−10 m. The value of the shear stress G = 130 GPa for the Ti/TiB
MMC was taken from [11]. The grain size d, dislocation density ρ, and particles diameter X were taken
from Figures 4 and 6a,b, respectively. The volume fraction of TiB determined using X-ray analysis
was 19%.

In the case of composite materials, some contribution to the total strength can also be expected
from [5]: (i) solid solution strengthening by precipitation of interstitial carbon, oxygen and nitrogen
atoms in the Ti lattice; (ii) prismatic punching of dislocations at the Ti/TiB interface due to thermal
mismatch between the Ti and TiB; and (iii) load transfer from the Ti matrix to TiB by an interfacial shear
stress. The total strengthening effect by interstitial C, O and N atoms in titanium, according to Ref. [35],
was found to be 160 MPa (this value was included into HV0). The solubility of boron in titanium is
very low (<0.001 at %) [6] therefore the effect of boron atoms on strengthening was neglected. Due to
very small difference in coefficient of thermal expansions between Ti and TiB the effect of prismatic
punching of dislocations at Ti/TiB interface on strength was too small to mention. According to
Refs. [33,36], the effect of load transfer is much lower than that of Orowan strengthening for the aspect
ratio smaller than 10 (in our case ~5) so that this factor was also not taken into account.

The calculated contributions of different hardening mechanisms into the total hardness are
shown in Figure 8b. It is seen that the Hall–Petch hardening has the lowest effect on strength.
Substructure hardening gives a somewhat higher contribution. The contribution of these two hardening
mechanisms expectably increased with strain due to the microstructure refinement and increase in
dislocation density (Figure 7). Meanwhile, hardening due to the TiB precipitates gives a much
more pronounced effect which is more than twice of that for the combined effect of Hall–Petch and
substructure hardenings. Precipitation hardening also increased during deformation due to shortening
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of the reinforcements (Figure 5). More homogeneous distribution of the TiB particles can also give some
effect in the mechanical properties, however more likely it can result in an increase in ductility [16,17,22]
rather than in a pronounced strengthening.

The overall effect of various strengthening mechanisms fits well with the experimental result,
suggesting that the precipitation hardening contribution is much more important than the substructure
and Hall–Petch hardenings. Therefore, the properties of MMCs are most probably associated
with the morphology and distribution of reinforcements rather than with the properties of the
matrix. This statement is in agreement with a number of investigations on the contribution of
various strengthening mechanisms after SPD. In various precipitation-hardened alloys (Al-Mg-Sc [37],
Cu-Cr-Zr [38] or Mg-Y-Nd-Zr [39]), the effect of Orowan strengthening was equal to or higher than the
total contribution of grain-size and substructure strengthenings.

An attractive application of Ti/TiB MMCs with high hardness can be associated with production of
medical instruments, in particular cutting tools, because this material has some undeniable advantages
over the “medical” steel: possibility of application in a magnetic field, low specific gravity and
high biocompatibility.

5. Conclusions

Microstructure evolution and microhardness of Ti/TiB metal–matrix composite were studied
during high-pressure torsion (HPT) at 400 ◦C. The following conclusions were made:

(1) Processing by HPT produced a microstructure with (sub)grains of ~34 nm after five revolutions
(γ ≈ 157). The microstructure evolution was associated with an intensive increase in dislocation
density and substructure development, resulting in a gradual microstructure refinement of the Ti
matrix and shortening/redistribution of TiB whiskers.

(2) The microhardness increased with strain attaining the maximum value (~520 HV) at the edge of
the disk after five revolutions. Analysis of contributions of different hardening mechanisms into
the hardness of the Ti/TiB metal–matrix composite shows that an increase in hardness can mostly
be ascribed to a contribution of precipitation hardening. The combined effect of substructure and
Hall–Petch hardening give approximately two times lower contribution.
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Abstract: Solid-state refrigeration technology based on elastocaloric effects (eCEs) is attracting
more and more attention from scientists and engineers. The response speed of the elastocaloric
materials, which relates to the sensitivity to the strain rate and measuring temperature, is a significant
parameter to evaluate the development of the elastocaloric material in device applications. Because the
Cu-Al-Mn shape memory alloy (SMA) possesses a good eCE and a wide temperature window,
it has been reported to be the most promising elastocaloric cooling material. In the present paper,
the temperature changes (ΔT) induced by reversible martensitic transformation in a columnar-grained
Cu71Al17.5Mn11.5 SMA fabricated by directional solidification were directly measured over the strain
rate range of 0.005–0.19 s−1 and the measuring temperature range of 291–420 K. The maximum
adiabatic ΔT of 16.5 K and a lower strain-rate sensitivity compared to TiNi-based SMAs were observed.
With increasing strain rate, the ΔT value and the corresponding coefficient of performance (COP) of
the alloy first increased, then achieved saturation when the strain rate reached 0.05 s−1. When the
measuring temperature rose, the ΔT value increased linearly while the COP decreased linearly.
The results of our work provide theoretical reference for the design of elastocaloric cooling devices
made of this alloy.

Keywords: shape memory alloy; columnar grain; Cu-Al-Mn; elastocaloric effect; strain rate;
measuring temperature

1. Introduction

The elastocaloric effect (eCE) refers to the thermal response of a given material to external
uniaxial stress, which is commonly quantified by the isothermal entropy change (ΔS) and adiabatic
temperature change (ΔT). Elastocaloric refrigeration based on eCEs, which is a new type of solid-state
refrigeration, has drawn significant attention in recent years owing to its higher coefficient of
performance (COP), its lower device costs, and its eco-friendliness as a promising alternative to
conventional vapor compression, as well as to its downscaling ability for microcooling [1–5]; it is
regarded as the most applicable solid-state refrigeration technology [6]. Shape memory alloys (SMAs)
can undergo a reversible martensitic transformation (MT) by applying external stress, which is
accompanied by a large latent heat absorption and release. These features make them important
elastocaloric materials and thus draw momentous attention.

The refrigeration capability (RC) of a given elastocaloric material can be evaluated by directly
measuring the adiabatic temperature change of the phase transformation or deformation. Some
related research indicated that a high ΔT value of more than 10 K has been directly measured in
Ti-Ni- [7,8], Ni-Fe- [9] and Cu-based SMAs [10], which has laid a good material foundation for the
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development and application of elastocaloric refrigeration technology. At present, an increasing
number of promising elastocaloric refrigeration devices are being developed [11]. In addition to
evaluating the RC, the responding speed of SMAs is also a significant factor that influences the system
cooling efficiency of the solid refrigeration system. Some researchers have carried out a series of
research on the influence of strain rates on the eCE in Ti-Ni-based SMAs, such as Ti49.1Ni50.5Fe0.4

foils and Ti50.4Ni49.6 films by Ossmer et al. [12,13], Ti51.1Ni48.9 wires by Tušek et al. [8], Ti55.4Ni44.6

wires by Tobush et al. [14], a Ti47.25Ni45Cu5V2.75 block by Schmidt et al. [15], and so on. Compared
with the Ti-Ni-based SMAs, Cu-based SMAs also have a large ΔT value, which has been proved by
Xu et al. They found a ΔT value of 12–13 K in columnar-grained Cu-Al-Mn SMAs [10], covering a
wide temperature range of more than 100 K, which, combined with a low applying stress [10,16] and
low material costs, make the columnar-grained Cu-Al-Mn SMAs a promising material for solid-state
refrigeration. In this paper, over the strain rate from 0.005 to 0.19 s−1 and the test temperature
range from 291 to 393 K, the temperature changes induced by reversible MT of columnar-grained
Cu71Al17.5Mn11.5 SMAs have been systematically measured, the effects of the strain rate (

.
ε) and

measuring temperature (TA) on the eCEs have been obtained, and the influence mechanism is
discussed. The results of this study can provide a theoretical reference for the design and application
of elastocaloric cooling devices that are made of Cu-based SMAs.

2. Materials and Methods

A Cu71Al17.5Mn11.5 ingot with a columnar-grained microstructure was prepared by directional
solidification [17]. At first, the ingot was annealed at 1073 K for 5 min followed by quenching into
ice water to obtain a single β1 phase. Then, the ingot was aged at 473 K for 15 min to stabilize the
MT temperatures. Dog bone-shaped tensile samples with a gauge size of 25 mm × 6 mm × 2 mm
were cut out from the ingot, with their longitudinal direction along the solidification direction (SD).
The surface of the tensile specimen was polished with 500–3000 # sandpaper and then subjected to
mechanical polishing and electrolytic polishing. The texture characterization was conducted by electron
back-scattered diffraction (EBSD) with a minimum misorientation resolution of 2◦. The electrolytic
polishing solution was as follows: 250 mL of H3PO4, 250 mL of alcohol, 50 mL of glycerol, 5 g of urea,
and 500 mL of H2O, with a voltage of 10 V and duration from 80 to 120 s. The transformation
temperatures and latent heat were determined by NETZSCH 404F3 using differential scanning
calorimetry (DSC, Mettler-Toledo, Zurich, Switzerland) under a nitrogen inert gas flow of 10 mL·s−1

with a heating/cooling rate of 10 K/min. Tensile tests were conducted on a Mechanical Testing System
(MTS) testing machine (Wister Industrial Equipment cooperation Limited, Shenzhen, China) equipped
with a thermostatic chamber. During the tensile test, all samples were loaded at a constant strain
rate of 0.05 s−1 to the maximum strain of 10% and were then unloaded at different strain rates to
zero stress. In this work, the measuring temperature range was from 291 to 420 K, and the unloading
strain rate range was from 0.005 to 0.19 s−1. The temperature of the sample in the tensile cycle was
monitored with a K-type thermocouple welded on the center of the sample surface. The authors
used a set of self-built equipment for data acquisition and a MATLAB program (v7.0, MathWorks,
Natick, MA, USA, 2012) to display the measured temperature.

3. Results and Discussion

The Cu71Al17.5Mn11.5 SMA sample was composed of a single austenite phase β1 with L21

crystallographic structure at room temperature. When a stress applied in the sample was higher
than the critical stress of MT, a stress-induced MT of β1 → β1

′ occurred and the β1
′ martensite had an

18R ordered structure. The phase structure and transformation behavior have been determined by
X-ray diffraction (XRD, SmartLab, Rigaku Corporation, Matsubara-cho, Akishima-shi, Tokyo, Japan)
and transmission electron microscopy (TEM, F20, FEI, Hillsboro, OR, USA) operated at 200 kV at room
temperature in previous work by authors and other researchers [18–22].
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The DSC curve during the heating/cooling process of the as-quenched sample is shown in
Figure 1. An exothermic peak corresponding to the MT during cooling and an endothermic peak
corresponding to the reverse austenitic transformation during heating can be clearly observed. The MT
and reverse transformation temperatures can be obtained from the curve: the MT starting temperature
was Ms = 247 K, the MT finishing temperature was Mf = 235 K, the reverse transformation starting
temperature was AS = 253 K and the reverse transformation finishing temperature was Af = 265 K;
the thermal hysteresis was 18 K.
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Figure 1. Differential scanning calorimetry (DSC) curve of the columnar-grained Cu71Al17.5Mn11.5

shape memory alloy (SMA; heating/cooling rate of 10 K/min).

The EBSD orientation map and the inverse pole figures (Figure 2) illustrate that the columnar-grained
Cu-Al-Mn sample has a strong <001> oriented texture along the SD (solidification direction).

 
(a) 

 
(b) 

 
(c)

Figure 2. (a) Electron back-scattered diffraction (EBSD) quasi-colored orientation map along
solidification direction (SD); (b) the reference stereographic triangle; (c) inverse pole figure along the SD,
which illustrate that the columnar-grained Cu71Al17.5Mn11.5 SMA sample has a strong <001>-oriented
texture along the SD.

The tensile stress-strain curves for the columnar-grained Cu71Al17.5Mn11.5 SMA are shown in Figure 3;
these were tested at the same loading strain rate

.
εl of 0.05 s−1 while gradually increasing the unloading

strain rates
.
εu from 0.005 to 0.19 s−1. Specifically, nine strain rates of 0.005, 0.01, 0.05, 0.07, 0.096, 0.1,

0.13, 0.15, and 0.19 s−1 were chosen. It should be noted that in order to avoid the experimental deviation
from different samples, the test was carried out using the same sample at each measuring temperature.
For all the test conditions in Figure 3, when the measuring temperature was ≤393 K, an almost 100% strain
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recovery could be observed after the samples underwent a loading strain of 10%, indicating an excellent
superelasticity of the columnar-grained Cu71Al17.5Mn11.5 SMA. With increasing tensile cycles, both the
critical stresses of MT and reverse transformation were decreased gradually. Because the loading strain
rate is constant, the stress of MT decreasing in loading processes can be attributed to the influence of
cycle numbers, which may be related to the fatigue effect. However, the stress of reverse transformation in
unloading processes may be affected by loading processes, strain rates or cycle numbers.
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Figure 3. Stress-strain curves for the columnar-grained Cu71Al17.5Mn11.5 shape memory alloys (SMAs)
with different unloading strain rates (

.
εu = 0.005–0.19 s−1) at different measuring temperatures.

In this work, the influence of loading processes can be excluded as a result of the same loading
strain and loading strain rate. In order to clarify the influence of cycle numbers or strain rate on the
unloading curves, a comparative tensile test with 10 cycles was carried on at a constant unloading
rate of 0.05 s−1, and the stress-strain curves are shown in Figure 4a. Comparing the stress-strain curve
tested at 291 K in Figure 3 and the curve in Figure 4a, the reduction of the transformation stress has
closed relations with the increase in cycle numbers. In other words, the strain rate has little effect
on the transformation stress of columnar-grained Cu71Al17.5Mn11.5 SMA, which is different from the
phenomenon that was observed in Ti-Ni alloys [14,15]. For Ti-Ni alloys, with increasing strain rates,
the stress-strain loop enlarges clearly; that is, the loading stress increases and unloading stress
decreases. The strain rate sensitivity of the transformation stress in SMAs is related to the capability
of stress relaxation, which is caused by martensite nucleation and growth during the MT process.
Under constant strain conditions, the MT of Ti-Ni SMAs requires 3 min to induce a stress relaxation of
50 MPa [15]. In other words, when the strain rate exceeds 0.02 s−1 of Ti-Ni SMAs, the stress will clearly
increase as a result of stress relaxation hysteresis. Figures 3 and 4a indicate that the phenomenon
of transformation stress increase is not observed in columnar-grained Cu71Al17.5Mn11.5 SMAs until
the strain rate reaches 0.19 s−1, which means that the stress relaxation capacity of columnar-grained
Cu71Al17.5Mn11.5 SMAs is more than 10 times that of Ti-Ni SMAs. Therefore, the strain rate sensitivity
of columnar-grained Cu71Al17.5Mn11.5 SMAs is dramatically lower than that of Ti-Ni SMAs.

In order to study the effect of measuring temperature on tensile stress-strain curves of the
columnar-grained Cu71Al17.5Mn11.5 SMA, a series of tensile cycle tests were carried out between the
temperature range from 291 to 420 K, and the results are subsequently drawn in Figure 3. A comparison
of these stress-strain curves indicates that as the measuring temperature rises, the MT stress increases
gradually. When the measuring temperature reaches 420 K, the recoverable strain of the sample
decreases rapidly with the increase in the number of tensile cycles. The microstructure observation
found that a large number of dislocations were observed in the sample, indicating that the tensile stress
was high enough to start the dislocation slip. This phenomenon implies the deformation mechanism
begins to change from superelastic deformation induced by phase transformation to permanent plastic
deformation caused by a dislocation slip when the sample deforms at 420 K, which can be defined as
the critical temperature of stress-induced MT in columnar-grained Cu71Al17.5Mn11.5 alloys. Therefore,
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the upper limit of the temperature window of the eCE of columnar-grained Cu71Al17.5Mn11.5 alloys is
less than 420 K. In other words, the temperature window of the columnar-grained Cu71Al17.5Mn11.5

alloy is 265–393 K. The width of the temperature window is 128 K.
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Figure 4. (a) Stress-strain curves with constant loading rate (
.
εl = 0.05 s−1) at 291 K; (b) TA dependence

of σc for the columnar-grained Cu71Al17.5Mn11.5 shape memory alloy (SMA).

On the basis of the first cycle of the measured stress–strain curve in the temperature range of
291–393 K, the MT critical stress (σc) as a function of TA is plotted in Figure 4b. Figure 4b indicates
that σc linearly increases with the increase of measuring temperature in the range of 291–393 K,
and dσc/dTA = 1.40 MPa/K for the columnar-grained Cu71Al17.5Mn11.5 alloy, which can be determined
by linear fitting.

Figure 5 indicates the temperature change of the columnar-grained Cu71Al17.5Mn11.5 SMA samples
in loading-unloading cycles at different measuring temperatures. It can be seen from Figure 5a–d that
at a constant strain rate (0.05 s−1), the ΔT values measured from both loading and unloading processes
for different cycles are almost unchanged in the temperature range of 291–393 K, which indicates
that no evident influence of cycle numbers on ΔT was observed after 10 tensile cycles at a constant
strain rate; this implies a good stability of the eCE in the columnar-grained Cu71Al17.5Mn11.5 SMA.
When the strain rate is less than 0.05 s−1, |ΔT| increases with increasing

.
εu. When the strain rate

reaches 0.05 s−1 or above, |ΔT| achieves saturation. For instance, at TA = 291 K, when
.
εu increases

from 0.005 to 0.05 s−1, ΔT changes from 7.53 to 11.21 K. After
.
εu reaches 0.05 s−1, the ΔT values remain

constant within the range of 11.21–11.51 K. For different TA values, the variation trends of the T vs.
t curves from the samples with increasing

.
εu are similar.

In addition, the phenomenon of temperature irreversibility can also be found from Figure 5;
that is, the absolute values of the temperature change between loading and unloading are not equal.
For example, when the strain rate is 0.05 s−1 at 291 K, the loading temperature rises are 14.8–15.3 K
(Figure 5a) and 13.7–13.9 K (Figure 5b), while the unloading temperature drops are 13.2–13.5 K
(Figure 3a) and 11.2 K (Figure 5b). The absolute value of the unloading temperature drop is 1.6–2.7 K,
which is lower than the loading temperature rise. Irreversibility is caused by the existence of the
hysteresis area during the loading-unloading process. The formation of the hysteresis area is directly
related to the frictional origin during the transformation. These frictions include the interfacial friction
between martensite and austenite, the interaction between the phase interface and grain boundary,
or other defects [12,14]. When the measuring temperature reached 420 K, as a result of the occurrence
of irreversible deformation caused by a dislocation slip, the return strain gradually reduced with
the increasing stretching cycles, resulting in a gradually reduced temperature change, as shown in
Figure 5e.
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Figure 5. Temperature-time profiles with a specific unloading strain rate: (a)
.
εu = 0.05 s−1, TA = 291 K;

(e)
.
εu = 0.19 s−1, TA = 420 K and with various unloading strain rates (

.
εu = 0.005–0.19 s−1) at

TA = 291 K (b); TA = 343 K (c); and TA = 383 K (d) for the columnar-grained Cu71Al17.5Mn11.5 shape
memory alloy (SMA) samples (

.
εl = 0.05 s−1 for all samples).

On the basis of the T-t profiles (four typical profiles are shown in Figure 5), a high |ΔT| value
of 11.3–16.5 K can be obtained in the columnar-grained Cu71Al17.5Mn11.5 SMA during unloading
processes, covering a wide temperature range of more than 100 K. The entropy change of the phase
transformation associated with the elastocaloric cooling can be estimated as

ΔS ≈ −ΔT
TA

Cp (1)
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where Cp is the heat capacity, measured to be 455 J/kg·K for the Cu71Al17.5Mn11 SMA [10]. Strictly
speaking, when calculating the adiabatic temperature change or entropy change, because of the
coexistence of two phases during transformation, we should consider that Cp = xCp

A + (1 − x)Cp
M,

where x is the fraction of the authentic phase, and Cp
A and Cp

M are the heat capacity of the authentic
phase and martensitic phase, respectively. However, Cp

A and Cp
M are approximately equal for

SMAs [23]. Therefore, in the actual measurement and calculation, we supposed Cp ≈ Cp
A ≈ Cp

M.
In this paper, we experimentally measured the Cp

A value and used it in the calculation. According to
the ΔT values measured above, the maximum ΔS can be estimated to be 19.5 J/(kg·K). Additionally,
ΔS can also be calculated from the Clausius-Clapeyron equation:

ΔS = −1
ρ

dσc

dTA
ε (2)

where ρ is the density and ε is the transformation strain. For the columnar-grained
Cu71Al17.5Mn11.5 SMA, dσc/dTA and ε can be determined to be 1.40 MPa/K from Figure 4b and 8.3%
from Figure 3, and ρ = 7.40 × 103 kg/m3 [24]. The calculated ΔS value from the Clausius-Clapeyron
equation is about 15.7 J/(kg·K), which is smaller than the calculation results based on ΔT. In addition,
the theoretical maximum of the isothermal entropy change also can be calculated to be 25.0 J/kg·K by
the latent heat of phase transformation determined by DSC measurement [10]. Therefore, the entropy
change estimated on the basis of the experimental data in this paper approached ∼78% of its theoretical
value. It is generally believed that the latent heat of phase transformation determined by the DSC
method corresponds to a completed entropy change from 100% phase transformation without any
loss, thus often called the theoretical entropy change. The entropy change value estimated on the basis
of the experimentally measured ΔT value is less than the theoretical entropy change, because of the
existence of internal frictions induced by the phase interface frictions and the interactions between
phase migration and defects. In addition, in the actual tensile deformation processes, incomplete MT
may be another probable cause of the smaller entropy change value estimated by stress-strain curves.
According to the above discussion, the energy loss induced by internal frictions is about 5.5 J/(kg·K)
for the columnar-grained Cu71Al17.5Mn11.5 SMA.

The |ΔT| value and the COP for unloading processes in the columnar-grained Cu71Al17.5Mn11.5

SMA as a function of
.
ε and TA are summarized in Figure 6. The COP of the material, which describes

the cooling efficiency, is defined by the ratio of cooling power (ΔQ) to input work (ΔW) [25]:

COP = ΔQ/ΔW (3)

where ΔQ can be estimated from the latent heat, which is ΔTad × Cp (ΔTad is the adiabatic
temperature change), and ΔW can be obtained by integrating the area enclosed by the stress
hysteresis loop (Figure 3). Figure 6a indicates that all |ΔT| vs.

.
ε curves show a similar variation

trend. At first, the |ΔT| value increases with increasing
.
ε. When the strain rate reaches 0.05 s−1,

the |ΔT| value remains almost unchanged, implying it achieves saturation. The critical strain rate
.
εc

corresponding to the onset of |ΔT| saturation is less than that of Ti-Ni alloy, which was reported as
0.2 s−1 [13]. In other words, it is easier to reach near-adiabatic conditions using the columnar-grained
Cu71Al17.5Mn11.5 SMA. In the process of MT (reverse MT), the homogeneity of martensite (austenite)
nucleation and extension is a noteworthy factor to influence

.
εc. The more homogeneously the MT

occurs in the sample, the lower the
.
εc value [12]. The columnar-grained Cu-Al-Mn SMA has a

homogeneous contribution of stress/strain in the whole sample as a result of a high deformation and
transformation compatibility among grains [26]. Therefore, the martensite (austenite) can nucleate
and grow homogeneously in the columnar-grained samples. Furthermore, the Cu-based SMAs have
a higher thermal conductivity compared to the Ti-Ni alloy, which also helps to obtain a uniform
temperature distribution within a very short period of time. The above two reasons show that the
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columnar-grained Cu71Al17.5Mn11.5 SMA has a low
.
εc, which can reduce the design difficulty of

refrigeration devices.

(a) (b) 

(c) (d) 

Figure 6. The |ΔT| and coefficient of performance (COP) values for unloading process in the
columnar-grained Cu71Al17.5Mn11.5 shape memory alloy (SMA) as a function of

.
ε and TA: (a) |ΔT|

vs.
.
ε; (b) COP vs.

.
ε; (c) |ΔT| vs. TA; (d) COP vs. TA.

Figure 6b indicates that the variation trend of COP with increasing strain rate is consistent
with |ΔT|, while the variations of |ΔT| and COP with TA are the opposite, as shown in
Figure 6c,d. For refrigeration device or system design, a higher |ΔT| and COP are expected. For the
columnar-grained Cu71Al17.5Mn11.5 SMA, in order to achieve a stable and high refrigeration capability
and COP, the applied strain rates should be more than 0.05 s−1.

4. Conclusions

In summary, the effects of strain rates and the measuring temperature on the elastocaloric cooling
in a columnar-grained Cu71Al17.5Mn11.5 SMA were experimentally investigated over the strain rate
range of 0.005–0.19 s−1 and the measuring temperature range of 291–393 K. With the increasing
stain rate, the ΔT and COP values of the alloy increase firstly and then achieve saturation when the
strain rate reaches 0.05 s−1, which indicates a lower strain rate sensitivity of refrigeration capability
compared to Ti-Ni-based SMAs (about 0.2 s−1). The relatively low strain rate sensitivity of the
columnar-grained Cu71Al17.5Mn11.5 SMA is attributed to two reasons. The first is a high deformation
and phase transformation compatibility among grains in the columnar-grained microstructure,
which causes a homogenous stress/strain distribution in the entire samples. The other is a high thermal
conductivity of Cu-based SMAs, which also helps to obtain a uniform temperature distribution in a
very short period of time. In addition, a maximum adiabatic ΔT value of 16.5 K with corresponding
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ΔS of 19.5 J/(kg·K) and a wide operational temperature window (ωT > 100 K) were directly measured
in the experiment. The above results demonstrate that the columnar-grained Cu71Al17.5Mn11.5 SMA is
a promising candidate of elastocaloric materials with the advantages of a high refrigeration capability
in a wide strain-rate range and operational temperature window, which are beneficial for the design
and application to refrigeration devices.
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Abstract: The structure–property relationship was studied in an Fe-18Mn-0.6C-1.5Al steel subjected
to cold rolling to various total reductions from 20% to 80% and subsequent annealing for 30 min
at temperatures of 673 to 973 K. The cold rolling resulted in significant strengthening of the steel.
The hardness increased from 1900 to almost 6000 MPa after rolling reduction of 80%. Recovery of
cold worked microstructure developed during annealing at temperatures of 673 and 773 K, resulting
in slight softening, which did not exceed 0.2. On the other hand, static recrystallization readily
developed in the cold rolled samples with total reductions above 20% during annealing at 873
and 973 K, leading to fractional softening of about 0.8. The recrystallized grain size depended on
annealing temperature and rolling reduction; namely, it decreased with a decrease in the temperature
and an increase in the rolling reduction. The mean recrystallized grain size from approximately 1 to
8 μm could be developed depending on the rolling/annealing conditions. The recovered and fine
grained recrystallized steel samples were characterized by improved strength properties. The yield
strength of the recovered, recrystallized, and partially recrystallized steel samples could be expressed
by a unique relationship taking into account the fractional contributions from dislocation and grain
size strengthening into overall strength.

Keywords: high-Mn TWIP steel; cold rolling; annealing; recovery; recrystallization; strengthening

1. Introduction

High-Mn austenitic TWIP/TRIP steels have aroused a great interest among materials scientists
and engineers because of their outstanding strength-ductility combinations [1–4]. These steels are
considered as the most promising materials for various structural applications in automobile and
building industries [5,6]. In general, the mechanical properties of steel semi-products depend on
their microstructure, including dislocation substructures, which can be substantially varied by using
appropriate regimes/conditions for the applied thermo-mechanical treatment. Therefore, studies on
the microstructure/substructure evolution during thermo-mechanical treatment are of great
practical importance.

Presently, the most efficient processing methods for production of large-scale steel products
involve plate or caliber rolling combined with some heat treatment. The deformation microstructures
that develop in steels subjected to rolling depend sensitively on the processing conditions [7–9].
Cold rolling is accompanied by strain hardening, the rate of which gradually decreases with increasing
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the total rolling strain [10]. The well-developed subgrains can be obtained by warm rolling that
is accompanied by dynamic recovery. Dynamic and/or post-dynamic recrystallization during hot
working may lead to the uniform microstructure with the mean grain size depending on deformation
conditions [9]. Regarding high-Mn austenitic steels, such steels are commonly characterized by
a low stacking fault energy (SFE), which controls the development of deformation twinning and/or
martensitic transformation leading to twinning- and/or transformation-induced plasticity [11,12].
On the other hand, low SFE hampers any dislocation rearrangements and, thus, slows down the
dislocation recovery processes. Therefore, high-Mn austenitic steels are hardly susceptible to dynamic
recovery under warm rolling conditions, and the work hardened microstructures remain almost
unchanged up to high temperatures sufficient for recrystallization development [13,14].

High-Mn austenitic steels exhibit significant strain hardening owing to increasing the dislocation
density during cold-to-warm working [13–15]. The dislocation strengthening leads to remarkable
increase in both the yield strength and the ultimate tensile strength [15]. On the other hand,
strengthening by cold-to-warm working is generally accompanied by a degradation of plasticity.
The total elongation may drop to a few percent after large strain cold working [16,17]. The mechanical
properties of work hardened high-Mn steels can be improved by an appropriate heat treatment.
Beneficial combination of the strength and ductility can be obtained by large strain cold rolling
followed by a recrystallization annealing. The combination of large strain deformation with
subsequent annealing may result in the development of special microstructures. Those are partially
recrystallized microstructures, where recrystallized grains are surrounded by work hardened portions,
and/or ultrafine grained microstructures. Both partially recrystallized and completely recrystallized
ultrafine grained microstructures may provide useful strength-ductility combinations.

The aim of the present paper is to study the effect of the rolling strain and subsequent annealing
at elevated temperatures on the development of recovery and recrystallization in an advanced 18% Mn
austenitic steel. Contributions of the dislocation strengthening and the grain size strengthening into
the yield strength of the steel with various microstructures including recovered, partially recrystallized,
and ultrafine grained ones are particularly addressed.

2. Materials and Methods

An Fe-18%Mn-0.6%C-1.5%Al steel was hot rolled to a total reduction of 80% and annealed at
a temperature of 1423 K for 1 h followed by air cooling. Then, the steel samples were cold rolled
to total rolling reductions of 20%, 40%, 60%, and 80% at room temperature. These cold rolled steel
samples were annealed at various temperatures in the range of 673 to 973 K for 30 min.

The structural investigations were carried out on the sample sections parallel to the normal
direction (ND), using a Nova Nanosem 450 scanning electron microscope (SEM, FEI, Hillsboro,
OR, USA) equipped with electron back-scatter diffraction (EBSD) analyzer incorporating orientation
imaging microscopy (OIM, EDAX Inc., Mahwah, NJ, USA). The SEM specimens were prepared
by electro-polishing using a solution of 90% acetic acid and 10% of perchloric acid at a voltage of
20 V. The OIM maps of 100 × 100 μm2 and 50 × 50 μm2 for the cold rolled and annealed samples,
respectively, were obtained with a step size of 0.1 μm. The OIM data points with confidence index
below 0.1 were replaced by black dots. The mean grain size (D) and the kernel average misorientation
(KAM) were obtained using OIM Analysis 6 software (EDAX Inc., version 6.2.0, Mahwah, NJ, USA).
The dislocation density was evaluated by means of KAM as [14]

ρ = 1.15·KAM/(b h), (1)

where b = 0.258 nm is the Burgers vector and h = 300 nm is the distance between the measured points
in KAM maps.
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The hardness measurements were carried out in order to evaluate the strain hardening and
annealing softening. The latter was estimated as [18]

X = (Hvε − HvT)/(Hvε − Hv0), (2)

where Hvε, HvT, and Hv0 are the hardness of cold rolled, annealed, and initial samples, respectively.
The tensile tests were carried out at room temperature and at an initial strain rate of 2 × 10−3 s−1 using
an Instron 5882 testing machine (Instron, Norwood, MA, USA). The tensile specimens with a gauge
length of 16 mm and cross section of 1.5 × 3 mm2 were machined with the tensile axis parallel to the
rolling axis.

3. Results and Discussion

3.1. Cold Rolling

Typical OIM images of the deformation microstructures developed in the high-Mn steel during
cold rolling to various total strains are shown in Figure 1. The deformation twins readily develop
during cold rolling (Figure 1a). An increase in the rolling reduction leads to an increase in the
dislocation density. Correspondingly, the number and misorientation of dislocation subboundaries
increase. The misorientation of some deformation subboundaries increases over a critical value,
separating low-angle subboundaries and high-angle boundaries. Therefore, these deformation
subboundaries are indicated as high-angle grain boundaries on OIM image (Figure 1b). Further rolling
is accompanied by the development of deformation microbands involving large lattice distortions
(Figure 1c). The microbanding during cold rolling is consistent with previous studies on high-Mn
austenitic TWIP steels, which involved numerous microshear bands after 60% rolling reduction [16,17].
The microband density and their thickness increases with straining. After large rolling reduction,
the microstructural analysis by OIM becomes difficult because of a large fraction of frequently
developed deformation microbands and related lattice distortions.

Cold rolling is accompanied by a significant increase in the hardness (Figure 2). The hardness
increases almost two-fold from about 2000 to approximately 4000 MPa after rolling reduction of
20%. The rate of strain hardening gradually decreases during cold rolling. An increase in the rolling
reduction to 40% leads to the hardness of 5000 MPa. Further rolling to large total reduction of 80%
results in the hardness of about 6000 MPa. Such strain hardening behavior is typical for large strain
cold deformation of various structural steels and alloys, when the hardness increases with straining
and gradually approaches a saturation level at sufficiently large strains [19].

 
(a) (b) (c) 

Figure 1. Deformation microstructures in a high-Mn steel subjected to rolling reduction of 20% (a);
40% (b); 60% (c). Low-angle and high-angle boundaries are indicated by thin and thick black lines,
respectively. Color orientations are shown for the normal direction (ND).
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Figure 2. Strain hardening for a high-Mn steel subjected to cold rolling at room temperature.

3.2. Annealing Behavior

The isochronal annealing was carried out to investigate the temperature effect on microstructure
evolution in the cold rolled high-Mn steel. The range of annealing temperatures and the annealing
time were selected to cover the operation of various restoration mechanisms including recovery
and recrystallization and, therefore, to obtain variety of annealed microstructures—i.e., recovered,
partially recrystallized, and fully recrystallized [13,14]. The effect of annealing temperature on the
hardness and fractional softening of the present high-Mn steel subjected to cold rolling to various
total strains is shown in Figure 3. Two temperature intervals are clearly distinguished by their
effect on both the hardness and the fractional softening. Annealing at temperatures below about
800 K does not result in any remarkable changes in the hardness irrespective of the previous rolling
reductions. The corresponding fractional softening does not exceed 0.2 after annealing within this
temperature range. In contrast, the hardness drastically drops after annealing at temperatures above
800 K. This change in the hardness is more pronounced in the samples subjected to larger rolling
reductions. Except the sample subjected to rolling reduction of 20%, the fractional softening comprises
approximately 0.8 after annealing at temperatures above 800 K. The different softening behavior at
temperatures below or above 800 K suggests that different annealing/softening mechanisms operate
in these temperature regimes.

 

Figure 3. Hardness change and annealing softening for a high-Mn steel subjected to various cold
rolling reductions and then annealed for 30 min at 673–973 K.
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Typical microstructures that evolved in the steel samples after rolling reductions of 20% and
60% followed by annealing at a temperature of 773 K are shown in Figure 4 as OIM micrographs
and KAM maps. It is clearly seen that annealing at this temperature is not accompanied by any
remarkable changes in the deformation microstructures. It can be concluded, therefore, that static
recovery is the only operative softening mechanism in this annealing domain. High-Mn austenitic
steels with low SFE have been shown being quite stable against recovery because of large dislocation
dissociation spacing [20]. Hence, the larger internal distortions, which were caused by higher
dislocation densities in deformation substructures after larger rolling reductions, remain larger after
recovery annealing as shown in the KAM maps. On the other hand, annealing at temperatures above
800 K results in the recrystallization development (Figure 5). An increase in the cold strain accelerates
the recrystallization kinetics. The fraction recrystallized comprises about 0.6 in the sample subjected to
rolling reduction of 40% and then annealed at 873 K (Figure 5a), whereas the completely recrystallized
microstructures evolve after annealing at the same temperature following the rolling reductions of 60%
and 80% (Figure 5b,c). An increase in the rolling reduction promotes the development of fine grained
recrystallized microstructure similar to ordinary primary recrystallization behavior [21]. An increase
in the annealing temperature increases the size of recrystallized grains (Figure 5d).

 
(a)

 
(b)

Figure 4. Annealed microstructures of a high-Mn steel subjected to cold rolling reduction of (a) 20% or
(b) 40% and then annealed at 773 K. Left-side images are color orientations corresponding to the normal
direction (ND), right-side images are KAM maps. Low-angle and high-angle boundaries are indicated
by thin and thick black lines, respectively.
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The effect of rolling reduction on the recrystallized grain size and the recovered dislocation
density in the high-Mn austenitic steel subjected to cold deformation followed by an annealing is
shown in Figure 6. The size of recrystallized grains after annealing at 973 K remarkably decreases
from 8 to 1.6 μm with an increase in the rolling reduction from 20% to 80%. It is worth noting that
annealing temperature does not affect the recrystallized grain size substantially. For instance, following
rolling reduction of 80%, annealing at 873 K results in arecrystallized grain size of 1.1 μm. Similar
to the recrystallized grain size, the dislocation density in the recovery annealed samples strongly
depends on the preceding rolling reduction. The dislocation density varies in the range of 1014 m−2

to 4 × 1014 m−2 in the samples subjected to rolling reductions of 20–40% followed by annealing at
673–873 K. In contrast, much higher dislocation densities of about 1015 m−2 evolve in the samples
subjected to rolling reductions of 60–80% followed by annealing at 673–773 K.

 
(a) (b)

 
(c) (d)

Figure 5. Annealed microstructures of a high-Mn steel subjected to cold rolling followed by annealing;
(a) rolling reduction of 40%, annealing at 873 K; (b) rolling reduction of 60%, annealing at 873 K;
(c) rolling reduction of 80%, annealing at 873 K; (d) rolling reduction of 80%, annealing at 973 K.
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Figure 6. Effect of cold rolling reduction and annealing temperature on the grain size and dislocation
density after recrystallization and recovery annealing of a high-Mn steel.

3.3. Mechanical Properties

The engineering stress-elongation curves obtained by tensile tests of the high-Mn austenitic steel
after cold rolling and annealing are shown in Figure 7. Recovery annealing at temperatures of 673 and
773 K does not provide significant softening irrespective of the rolling reductions. Therefore, the general
shape of the tensile stress–strain curves for the samples annealed at 673 and 773 K depends remarkably
on the previous rolling reduction (Figure 7a,b). The steel samples subjected to relatively small rolling
reductions of 20% and 40% exhibit increased yield strength of about 700 and 1250 MPa, respectively.
Following yielding, the strain hardening quickly decreased to some positive value, which remains
almost constant up to necking. An increase in the annealing temperature from 673 to 773 K improves
plasticity, although it does not remarkably affect the yield strength and the ultimate tensile strength.
The yield strength increases above 1200 MPa after rolling reductions of 60–80% followed by recovery
annealing at 673 and 773 K, whereas the total elongation decreases substantially and does not exceed
a couple of percent after rolling reduction of 60% and 80% followed by recovery annealing. On the
other hand, recrystallization annealing at 873 and 973 K softens the cold rolled steel samples and
significantly improves their plasticity (Figure 7c,d). The strength of the recrystallized steel samples
commonly decreases with an increase in the temperature and a decrease in the rolling reduction.

The tensile deformation behavior of the present steels samples is closely related to their
microstructures. The dislocation substructures and corresponding strain hardening remain almost
unchanged during recovery annealing. Therefore, the tensile behavior of the recovery annealed
samples depends mainly on the previous cold strain. In contrast, the mechanical properties of the
steel samples after recrystallization annealing depend on the mean grain size. In this case, the rolling
reduction affects the strength properties of recrystallized steels through the recrystallized grain size
that depends on the recrystallization kinetics, which, in turn, depends on the previous cold strain.
The relationship between the yield strength of the steel samples after recrystallization annealing and
the recrystallized grain size is represented in Figure 8 as a Hall-Petch type plot. The yield strength
(σ0.2) of the recrystallized steel samples obeys an ordinary relationship,

σ0.2 = σ0 + ky D−0.5 (3)

where, σ0 is the yield strength of the same material with unlimited grain size and ky is the grain
boundary strengthening factor [22,23]. The values of σ0 = 160 MPa and ky = 355 MPa μm0.5 are
obtained in the present study. Note here, almost the same σ0 and ky have been reported in other papers
on austenitic steels [13,24–26].
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The strengthening of the recovered steel samples can be related to their dislocation density similar
to other studies on work hardened materials [27–29]

σ0.2 = σ0 + α M G b ρ0.5 (4)

where α, M, and G are a numerical factor, the Tailor factor (M = 3 is frequently used for face centered
cubic metallic materials [30,31]) and the shear modulus, respectively. Here, σ0 means the strength of
dislocation-free recrystallized steel and can be taken as that from Equation (3) for the sake of simplicity.
The relationship between the dislocation density, which was evaluated by means of KAM (Equation (1)),
and the yield strength of the recovered steel samples is also represented in Figure 8. It is clearly seen
that the dislocation strengthening can be expressed by Equation (4) with α = 0.6. The value of α has been
reported varying from about 0.2 to 0.5 [14,15,24,30–32]. Relatively large α = 0.6 obtained for the present
work hardened steel samples may be attributed to an enhanced efficiency of dislocation strengthening
in high-Mn austenitic steels with low SFE as well as to somewhat underestimated dislocation density
by the KAM values, which are actually associated with excess dislocations of similar Burgers vectors
rather than total dislocation density [33]. Then, combining Equations (3) and (4), the yield strength of
recovered and recrystallized steel samples including partially recrystallized ones can be expressed as

σ0.2 = σ0 + FREX ky D−0.5 + (1 − FREX) α M G b ρ0.5 (5)

where FREX is the fraction recrystallized. The plot in Figure 9 validates the speculation above.

(a) (b)

(c) (d)

Figure 7. Engineering stress vs. elongation curves for a high-Mn steel subjected to cold rolling followed
by annealing at (a) 673 K; (b) 773 K; (c) 873 K; (d) 973 K.
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The present results suggest that combination of cold rolling with reductions of 20% to 80% and
annealing at 673 to 973 K can be used as various advanced thermo-mechanical processing methods
to obtain high-Mn austenitic TWIP steel plates with a desired strength and ductility. The required
combination of mechanical properties is achieved by the development of appropriate structural
state, which may consist of a mixture of various structures including work hardened, recovered,
and partially and completely recrystallized ones. An increase in the rolling reduction increases
the deformation stored energy and, therefore, promotes the primary recrystallization. It should
be noted that the stored energy significantly accelerates the rate of recrystallization nucleation.
Hence, the rapid recrystallization nucleation at temperatures close to a critical recrystallization
temperature for the steel samples subjected to large strain cold rolling results in beneficial mechanical
properties including high strength and large uniform elongation owing to the development of uniform
ultrafine-grained microstructures.

(a) (b)

Figure 8. Relationship between the yield strength (σ0.2) and (a) the grain size (D) or (b) the dislocation
density (ρ) for a high-Mn steel subjected to cold rolling followed by annealing.

Figure 9. Relationship between the experimental yield strength and that calculated by Equation (5)
for a high-Mn steel subjected to cold rolling and then annealed.
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Another important finding of the present study is the unique relationship between the
microstructural/substructural parameters and the strength of the cold rolled and annealed samples
irrespective of processing regimes. The strength of work hardened metallic materials was treated with
a modified Hall-Petch type relationship including the term of dislocation strengthening [16,17,34,35].
However, a mutual correlation between the dislocation densities and grain boundary densities in
metals and alloys subjected to large strain deformation made the estimation of individual strengthening
mechanisms difficult [32,36,37]. In contrast, the present approach of fractional contributions of different
strengthening mechanisms, which are originated from specific structural elements, into overall strength
allows us to adequately predict the yield strength of steels with a mixture of various work hardened,
recovered, and recrystallized microstructures.

4. Conclusions

The microstructure evolution and mechanical properties were studied in an Fe-18Mn-0.6C-1.5Al
steel subjected to cold rolling and subsequent isochronal annealing for 30 min. The main results can be
summarized as follows.

1. The cold rolling resulted in significant strengthening of the steel. The hardness increased from
1900 to almost 6000 MPa after rolling reduction of 80%.

2. Annealing behavior was characterized by the development of recovery and recrystallization.
Recovery took place during annealing at temperatures of 673 and 773 K, leading to fractional
softening below 0.2. On the other hand, the static recrystallization readily developed during
annealing at 873 and 973 K, leading to fractional softening of about 0.8.

3. The recrystallized grain size depended on annealing temperature and rolling reduction.
An increase in the rolling reduction from 20% to 80% led to a decrease in the mean recrystallized
grain size from about 8 to 1.6 μm after subsequent annealing at 923 K and to 1.1 μm after annealing
at 873 K.

4. The yield strength of the recovered and recrystallized steel samples, as well as partially
recrystallized ones, could be expressed by a modified Hall-Petch type relationship taking into
account the fractional contributions from grain size strengthening and dislocation strengthening.
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Abstract: The present study is to investigate the effect of post heat treatment on the microstructures
and mechanical properties of a submerged-arc-welded 304 stainless steel. The base material consisted
of austenite and long strips of delta-ferrite surrounded by Cr-carbide, and the welds consisted of delta
ferrite and austenite matrix. For the heat treatment at 850 ◦C or lower, Cr-carbides were precipitated in
the weld metal resulting in the reduction of elongation. The strength, however, was slightly reduced
despite the presence of Cr-carbides and this could possibly be explained by the relaxation of internal
stress and the weakening of particle hardening. In the heat treatment at 1050 ◦C, the dissolution
of Cr-carbide and disappearance of delta ferrite resulted in the lower yield strength and higher
elongation partially assisted from deformation-induced martensitic transformation. Consequently,
superior property in terms of fracture toughness was achieved by the heat treatment at 1050 ◦C,
suggesting that the mechanical properties of the as-weld metal can be enhanced by controlling the
post weld heat treatment.

Keywords: austenitic 304 stainless steels; sub-merged arc welding; post-weld heat treatment

1. Introduction

Austenitic stainless steels are widely used in important parts of chemical plants such as
pressure vessels, chemical machineries, and pipes because they have excellent corrosion resistance,
acid resistance, formability, and weldability. They are also extensively applied in gas turbines,
jet propellants, and nuclear power plants because of their excellent toughness in high-temperature and
high-pressure environments [1–4].

Submerged Arc Welding (SAW) is widely used for joining ship structures and piping thick-wall
stainless steels [5,6]. In SAW, a solid filler wire is automatically inserted to pre-dispersed granular
flux and an arc generates between the base metal and the filler wire while being covered with flux.
The flux in contact with the arc melts and then the molten slag covers and protects the molten metal.
Generally high-efficiency welding is achieved by flowing a large current through a large-diameter wire.
It has the advantage of improving welding productivity through high speed solidification during
welding and improving weld quality through welding heat control [7].

Metals 2018, 8, 26; doi:10.3390/met8010026 www.mdpi.com/journal/metals84
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Due to the heat input from the SAW welding process, there is a degradation problem of
microstructural and mechanical properties such as inhomogeneity of the microstructure, concentration
of residual stress, brittleness, and deterioration of toughness in the welded material [8]. Post-weld heat
treatment (PWHT) is usually introduced to solve such degradation. However, if the delta ferrite in
austenitic stainless steel is excessively present in the weld metal during SAW welding, embrittlement
of the welded part may occur due to transformation into another brittle phase such as a sigma phase
during post heat treatment. In order to solve these problems, it is important to investigate post-heat
treatment process to control the content of delta ferrite and the harmful carbides [9]. Proper post-heat
treatment can improve the mechanical properties by homogenizing the microstructure of the welded
material and controlling the formation of beneficial and harmful phases [10–13].

Although extensive researches have conducted on the effect of PWHT on the welded austenitic
stainless steels, industrial field still requires the comprehensive research on the resultant effect of PWHT,
especially for the practical and the cost effective process condition of PWHT. The present study thus
investigated the effect of PWHT on the change of microstructural and mechanical properties of the
welded part of AISI STS 304 steel produced by SAW. The microstructural changes during the heat
treatment were analyzed and the resultant effect on mechanical properties were discussed.

2. Materials and Methods

In this study, submerged-arc welding was performed in austenitic stainless steel STS304 using
STS308L as a welding electrode. The chemical compositions of the materials used are shown in
Table 1. A plate with the width of 100 mm, the length of 1000 mm and the thickness of 25 mm was
fabricated by the SAW. In order to evaluate the microstructure and mechanical properties, PWHT was
performed from 650–1050 ◦C with an interval of 200 ◦C as shown in Figure 1a. After maintaining at
these temperatures for 0.5–4 h, the specimens were then quenched in water.

In order to observe the microstructure, the test pieces were grinded using sandpapers and
then were micro-polished using a diamond suspension with a 1 μm diameter. According to
ASTM E-340, the polished surface was etched using a mixed solution of distilled water, hydrochloric
acid and nitric acid with a ratio of 4:3:3. Through the optical microscopy, the microstructures of
the base metal, the weld part and the heat affected zone (HAZ) were analyzed. According to
ASTM E-8, subsized plate-type tensile specimens were taken from the middle of the welded plate with
perpendicular to the welding direction as shown in Figure 1b.

Figure 1. Schematic diagrams showing (a) post-weld heat treatment schedules and (b) ASTM-E8
subsized tensile specimen.

The tensile tests were conducted to measure yield strength, tensile strength and elongation with
the strain rate of 10−3/s according to ASTM A370 using universal tensile machine (MTS, Eden Praire,
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MN, USA). The yield strength was determined by the 0.2% offset method and the elongation was
measured by the travel distance of crosshead. Vickers hardness test was conducted with the load
of 2.94 N for 15 s dwell time and the hardness values were measured 10 times in total, and the
average value was calculated by excluding the maximum and the minimum value. To measure
the content of delta ferrite in the weld metal, the mean value was measured 10 times per
specimen using FERITSCOPE-FMP30 (Fischer, Windsor, CT, USA). Electron backscattered diffraction
(EBSD) and Electron Probe Microanalysis (EPMA) was performed to observe the phase change
after post heat treatment using JEOL FE-SEM 7200F (JEOL, Tokyo, Japan). For thermodynamic
calculations to predict the volume fraction of equilibrium phase at given temperatures, ThermoCalc
software (Thermo-Calc Software, 2017b, Solna, Sweden) package was adopted with the latest steel
database (TCFE9).

Table 1. Chemical composition of the base metal and the filler wire (wt %).

Alloys C Mn Si Cr Ni Mo Al Co Nb Cu N

STS 304 (Base) 0.046 1.19 0.42 18.2 8.02 0.15 0.003 0.164 0.01 0.23 0.05
STS 308L (Filler) 0.02 1.98 0.41 19.7 10.79 0.03 - - - 0.13 0.05

3. Results and Discussion

Figure 2 shows the microstructure of weld metal, heat-affected zone (HAZ) and base metal
after sub-merged arc welding (SAW). The base metal consisted of austenite single phase and
hot-rolling strips. These rolling strips correspond to delta ferrite surrounded by Cr-based carbides
precipitated during hot rolling (Figure 2d–f). The weld metal was composed of austenite (white) and
delta ferrite (black). The delta ferrite is classified into lathy and vermicular type by shape (white
circle and rectangle in Figure 2c, respectively), and this shape difference is considered to be caused
by welding heat input. In the sequential order of multi-pass SAW, the welded structure initially
appeared in a lathy shape, and then the lathy shape was transformed into a twisty vermicular shape
induced by the next welding pass. From the results of the Energy Dispersive Spectroscopy (EDS)
analysis, it was confirmed that the formation of the primary Cr-carbide did not occur in the weld metal.
Scanning electron microscope (SEM) analysis revealed that pores and cracks possibly formed during
solidification were hardly found in the weld metal. Therefore, it was confirmed that the welding
conditions such as welding power and electrodes were correctly selected.

The heat affected zone of the austenitic stainless steel is generally prone to be Cr-deficient
due to the precipitation of Cr-Fe rich carbides at phase boundaries or grain boundaries causing
brittleness and welding decay [14]. From the EPMA analysis in Figure 2d, there was no remarkable
increase of Cr-carbide in HAZ, compared to the base metal where Cr-carbides initially present
around long-elongated delta ferrite. Also the shape of Cr-carbides near HAZ still remained in a long
elongated shape, which means that those carbides were likely to be formed during hot-rolling process.
It is thus considered that the formation of Cr-carbide by welding heat effect hardly occurred in
the present specimen. Figure 3a,b show Vickers hardness measured over base metal, HAZ and
welding metal. The hardness value is considered not to vary significantly over those regions despite
that the hardness increased at the regions where austenite and carbides existing together. The hardness
of the base material and the HAZ were similar with each other and the hardness of the weld metal
was slightly lower than those of the base metal and the HAZ. The hardness results provide that
microstructural changes such as grain coarsening/refining or Cr-carbides precipitation barely occurs
in the HAZ. The as-welded specimens were always fractured in the middle of the weld metal, not in
the HAZ during tensile tests. This also indicates that there is almost no formation of brittle phases in
the HAZ. Therefore, the analysis of microstructural changes and mechanical properties during post
weld heat treatment is focused on the weld metal, not on the HAZ.
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Figure 2. Optical micrographs of the as-weld specimen showing (a) the base metal, (b) the
heat-affected zone, and (c) the weld metal (White arrows and triangles are indicating the pre-existing
strips and delta ferrite, respectively.); (d) Electron Probe Microanalysis (EPMA) images showing the
presence of Cr-carbides in the base metal; (e) Electron backscattered diffraction (EBSD) phase map on
the fusion line including base metal (right) and heat affected zone (HAZ) (left). Red, blue, and cyan
color indicate delta-ferrite, austenite, and Cr23C6, respectively.

Figure 3. (a) Optical micrographs indicating the indenting positions; (b) Vicker hardness measured
through the base metal, the HAZ, and the weld metal.

Figure 4 shows the microstructure of the base material and the HAZ after heat-treated at
650–850 ◦C for 0.5–4 h. The size of the austenite grain boundaries of the base material and the
HAZ is 40–60 μm on average, which is not significantly changed, compared to the as-weld specimen.
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The strips already existing in the base material still remained, without noticeable changes in the shape
and the volume fraction even after the heat treatment at 650 ◦C. In the 850 ◦C heat treatment, however,
the volume of the strips decreased and their shapes were blurred as compared with the as-weld and
the heat-treated specimens at 650 ◦C. It can be inferred that the Cr-based carbide was decomposed into
an austenite phase at 850 ◦C.

Figure 4. Optical micrographs on the base metal and the HAZ of the heat-treated specimens at (a) 650 ◦C
for 0.5 h, (b) 650 ◦C for 1 h, (c) 650 ◦C for 4 h, (d) 850 ◦C for 0.5 h, (e) 850 ◦C for 1 h, and (f) 850 ◦C for
4 h. Arrows indicating pre-existing strips of delta ferrite and Cr-carbide in the HAZ, respectively.

It has been reported that Cr-based carbide is precipitated and a delta phase is transformed into
a sigma phase in the temperature range of 600–850 ◦C in 300-series austenitic stainless steels [11,15].
The results of the thermodynamic calculations in Figure 5 show that at 650 ◦C, about 1% of the
Cr23C6 and 8% of the sigma phase can be precipitated in equilibrium from the base metal composition.
This Cr23C6 is known to be precipitated in the austenite grain boundaries where segregated chromium
atoms tend to be bound with carbon atoms. Therefore, the formation of Cr23C6 makes chromium
concentration in the grain boundaries lowered, i.e., chromium depletion, which results in the less
formation of the Cr-based oxides and thus provides harmful effect on corrosion properties and
toughness of grain boundaries. On the other hand, sigma phase of a tetragonal structure composed
of Fe-Cr-Ni-Mo is generally reported to be precipitated in ferrite/austenite phase boundaries and to
be grown into ferrite phase [16,17]. In the present thermodynamic calculations, the sigma phase was
expected to have a high fraction of 8%, which could be regarded as the much higher value than the
actual experimental value. The reason for this overestimation is that the thermodynamic calculation
does not consider kinetics of phase transformation; alpha ferrite was calculated to exist in 650 ◦C
from the present thermodynamic calculation but was not actually present in the base metal where
the single austenite phase only existed. In the base metal, the preferred nucleation site of the sigma
phase, i.e., ferrite, is hardly existing, and thus the actual volume of the sigma phase could be much
lower than the calculated predictions. On the other hand, in the case of the heat treatment at 850 ◦C,
it was predicted that 0.4% of Cr23C6 phase would be precipitated and the sigma phase could not
be precipitated. The volume fraction of Cr23C6 decreased with increasing temperature up to 900 ◦C
above which the Cr-carbide would not be precipitated.
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Figure 5. Predicted volume fraction of equilibrium phases at given temperatures in (a,b) the base metal
(STS 304) and (c,d) the filler metal (STS 308L).

Figure 6 shows the microstructure of the weld metal heat-treated at 650–850 ◦C for 0.5 and 4 h.
Similar to the as-weld microstructure, the austenite matrix contained delta ferrite dendrites. After heat
treatment at 650–850 ◦C, the lathy type delta ferrite changed to vermicular type due to the heat
treatment and the size of the individual dendrite of delta ferrite increased at 850 ◦C in comparison with
650 ◦C. The phase boundary between austenite and delta ferrite is considered to migrate in favor of
reducing the interfacial energy. The initially thin dendrites of delta ferrite could thus be thicker during
heat treatment without losing their total volume fraction as confirmed in Figure 6e,f. The fraction
of delta ferrite was measured to be slightly decreased during heat treatment at 650–850 ◦C. Figure 7
shows the volume fractional change of delta ferrite with temperature and time obtained from the
magnetic induction method. Because possible phases such as austenite, Cr-carbide, and sigma phase
are all paramagnetic, only ferromagnetic ferrite reacts to the magnetic induction, so that the surface
volume fraction of ferrite can be precisely measured [18]. At 650–850 ◦C, the ferrite fraction of the weld
metal was reduced by 1% compared to the as-weld specimen. From the thermodynamic calculation
results shown in Figure 5c, a small amount of ferrite has been transformed into austenite because
the Ae3 temperature is less than 650 ◦C. However, as observed from optical photographs in Figure 6,
the volume fraction variation of delta ferrite seems to be insignificant but rather the size of individual
delta ferrite is likely to become larger as temperature increases from 650 to 850 ◦C.
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Figure 6. Optical micrographs (OM) on the weld metal of the heat-treated specimens for (a) 0.5 h at
650 ◦C, (b) 4 h at 650 ◦C, (c) 0.5 h at 850 ◦C, and (d) 4 h at 850 ◦C, respectively. To show the thickening
of delta ferrite dendrite, markers indicate the thickness of delta ferrite dendrite for the heat-treated
specimens for (e) 4 h at 650 ◦C and (f) 4 h at 850 ◦C.

 
Figure 7. Volume fraction of delta ferrite in the weld metal measured by magnetic induction method.

Figure 8 is the EBSD phase map that shows the presence of Cr23C6 in the weld after annealing
at 650 ◦C for 4 h. The Cr23C6, which did not exist in the as-weld specimen, was found to precipitate
finely in the austenite/delta-ferrite interface after 4 h of heat treatment at 650 ◦C. Cr23C6 carbide
is reported to precipitate from austenite/ferrite phase boundary or austenite grain boundary in
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300-series austenitic stainless steels [11,15,16]. After precipitation, it grows into austenite matrix
rather than ferrite matrix. It is known that the precipitates are finely located in the boundaries with
the size distribution from several hundred nm to few μm, depending on the composition and the
formation temperature [15]. As can be seen from the thermodynamic calculations shown in Figure 5,
the temperature range near 650 ◦C could have 0.5% volume fraction of Cr23C6, which is the maximum
value in whole temperature range. Although it is a small volume fraction, it is presumed that if the
precipitates are finely distributed along the phase boundaries, it could deteriorate the ductility and
toughness of the material. In the thermodynamic calculation, it was predicted that about 12% of the
sigma phase would be precipitated in the weld metal at 650 ◦C. However, the EBSD results hardly
showed the presence of sigma phase. It is believed that the transformation kinetics of sigma phase is
relatively slow, so that sigma phase could not be transformed from ferrite with the given temperature
and time. Even if sufficient time is provided, it is expected that the sigma phase would not be present
as much as the predicted value since the volume fraction of ferrite, which is the preferred nucleation
site of the sigma phase, is relatively small in the actual weld metal.

 

Figure 8. (a) EBSD map showing presence of Cr23C6 at phase boundary; (b) OM image after
color-etching showing the presence of Cr23C6 (dark).

Figure 9a–d show the microstructures of the base material and HAZ of the specimens annealed
at 1050 ◦C for 0.5–4 h. The grain size of the base metal after PWHT in 1050 ◦C for 4 h became
larger (72 μm) than the as-weld specimen (52 μm), which shows the grain growth of austenite with
increasing time and temperature. This grain growth is believed to occur because of the acceleration of
thermally-assisted migration of the austenite grain boundary. The strip already existing in the base
metal was observed to disappear as the heat treatment time became longer. As can be seen from the
thermodynamic calculation in Figure 5, the Cr-based carbide was considered to transform into the
austenite phase at 1050 ◦C since the dissolution temperature of the Cr-based carbide is about 900 ◦C.

Figure 9e–h shows the microstructure of welded specimens after heat treatment at 1050 ◦C
for 0.5–4 h. The delta ferrite, which existed as lathy or vermicular shape in the as-weld specimen,
lost its shape into the elliptical or the spheroidized after the heat treatment of 1050 ◦C. This is due to
the migration of austenite/delta-ferrite interface for decreasing the interfacial energy, similar to the
mechanism of the shape change from the lathy to the vermicular type observed in the heat treatment
at 650–850 ◦C. The volume fraction of delta ferrite at 1050 ◦C decreased by heat treatment time as
confirmed in Figure 7 where delta-ferrite, which was 8% of volume fraction in the as-weld specimen
decreased down to 1.2% after heat treatment at 1050 ◦C for 4h. From the thermodynamic point
of view, the transformation of delta ferrite to austenite was believed to be promoted at 1050 ◦C,
well above the Ae3 temperature. From the thermodynamic calculations, austenite single phase exists at
1050 ◦C, without Cr-carbide or delta-ferrite phase, and well agree with the experimental observations.
The residual delta-ferrite, which was not transformed into austenite by the rapid cooling after
the welding, was gradually austenized by heat treatment at 1050 ◦C. In addition, at that temperature,

91



Metals 2018, 8, 26

residual stress due to welding could be released and carbides could dissolve sufficiently, which could
possibly lead to noticeable changes in the mechanical properties.

Figure 9. Optical micrographs on the base metal and the HAZ of the heat-treated specimens at
1050 ◦C for (a) 0.5 h, (b) 1 h, (c) 2 h, and (d) 4 h, respectively. Optical micrographs on the weld
metal of the heat-treated specimens at 1050 ◦C for (e) 0.5 h, (f) 1 h, (g) 2 h, and (h) 4 h, respectively.
Arrows and triangles indicate the pre-existing strips in the base/HAZ and delta ferrite in the
weld metal, respectively.

Figure 10 summarized the yield and tensile strength, uniform and total elongation, and fracture
toughness of specimens after PWHT. The yield and tensile strengths in all range of heat treatment
temperatures and times were lower than those of the as-weld specimen. The yield strength gradually
decreased as the temperature increased while there was no significant change depending on the time.
The tensile strength of the specimens heat-treated at 650–850 ◦C was 570–580 MPa and a noticeable
difference was hardly found depending on the heat treatment time. In the case of the heat treated
specimen at 1050 ◦C, the tensile strength was markedly lower and continuously decreasing with
the time. As shown in Figure 10b, the uniform and total elongation decreased with increasing
temperature up to 850 ◦C, compared with the as-weld specimen. On the other hand, the specimen at
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1050 ◦C showed higher elongation than the as-weld specimen, and prolonged its elongation as the
heat treatment time increased.

Figure 10. (a) Yield and tensile strength of the as-weld and the heat-treated specimens; (b) uniform and
total elongation of the as-weld and the heat-treated specimens; (c) fracture toughness of the as-weld
and the heat-treated specimens; (d) Vickers hardness of the as-weld and the heat-treated specimens.

These changes of mechanical properties can be understood based on the microstructural evolution
during heat treatment. In the case of reduction in strength and ductility shown at 650–850 ◦C,
relaxation of internal stress, decreased volume fraction of delta ferrite and increased size of individual
delta ferrite dendrite could be responsible for such degradation. As shown in Figure 8, the carbides
were found to form in the austenite/ferrite phase boundaries. It is expected that material strength
would increase by compromising ductility with the formation of Cr-carbide, but inversely the strength
decreased at the corresponding temperature. This reduction in strength, first of all, could probably
be explained by the stress relaxation due to the recovery of the hot-rolled microstructure in the base
metal and by the relaxation of the internal stress in the base and the weld metal initially caused by the
welding process [19]. Second, as shown in Figure 7, the slight decrease in volume fraction of the delta
ferrite in the weld metal could possibly cause the strength reduction in terms of modulus hardening.
Third, as can be seen in Figure 6, when the individual size of the delta ferrite increased without losing
its volume fraction substantially, the strength can be reduced owing to the weakening of dispersion
strengthening or precipitation strengthening [20]. Stochastically, the probability of the existence of
dislocation sources is higher in the austenite matrix whose volume fraction and size is much higher
than delta ferrite. Given that austenite has generally lower yield strength than ferrite, the operation of
dislocation is likely to initiate in the austenite matrix. The dislocation movement in the austenite could
then be impeded by stiff delta ferrite arrays and if the individual size of the delta ferrite increased,
particle strengthening could be degraded.

On the other hand, in the case of heat treatment above 1050 ◦C, the yield and tensile strengths
were lower but elongations were higher than the as-weld specimen. As shown in Figure 8, the
decrease in the volume fraction of delta ferrite at 1050 ◦C is considered to be the cause of the strength
reduction. Since the thickness of delta ferrite was small as about 1–2 μm, it is believed that the
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delta ferrite is strengthening the weld metal in terms of modulus hardening and particle hardening.
Therefore, decreasing the fraction of delta ferrite may have affected the decrease of strength and
increase of elongation inversely. In addition, as shown in Figure 9, the austenite grain size of the
base and welds increased during the heat treatment at 1050 ◦C, and thus Hall-Petch effect due to the
increase of grain size also has an effect on the reduction in yield and tensile strengths. Furthermore, the
stress relaxation due to the heat treatment at 1050 ◦C could make the base and weld metal softer.
Figure 10c shows the fracture toughness obtained by integrating stress-strain curves. When heat
treatment temperature was in the range of 650–850 ◦C, the fracture toughness was lower than that
of the as-weld specimen. When the heat treatment temperature was more than 1050 ◦C, the fracture
toughness was in overall similar or higher than the as-weld specimen. In the temperature range
studied in the present work, the strengths were reduced as compared with the as-weld specimen,
but ductility significantly increased at 1050 ◦C. This ductility increase is reflected in the increase of the
fracture toughness, and the PWHT at a temperature of 1050 ◦C was found to provide positive effect on
improving the toughness of the as-weld material.

Figure 10d shows the hardness variation of the welds with the PWHT temperature and time.
After 10 times of indentations, the values were averaged by excluding the maximum and the minimum.
Hardness is determined by the magnitude of strengthening under compression, and thus it can be
interpreted similarly to the strength. Vickers hardness showed a monotonic decrease with increasing
the heat treatment temperature. The hardness change with the heat treatment time was negligible
for 1 to 4 h, and temperature was more of an influential factor on the hardness. As described above,
reduction of hardness with increasing temperature is also able to be explained by the relaxation of the
residual stress, the decrease of delta-ferrite volume fraction and the increase of the individual delta
ferrite thickness.

Figure 11 contained the true stress-strain curves together with work hardening rate for analyzing
the difference in work hardening behaviors after PWHT. In the as-weld specimen, the work hardening
rate decreased rapidly after passing yield point and maintained in the steady state. On the other hand,
the work hardening rate of the specimen at 650 ◦C for 2 h was generally higher than that of the
as-weld specimen, and decreased continuously with further straining after having a short steady-state
flow regime. The work hardening rate of PWHT 850 ◦C increased continuously with deformation
after reaching the steady state. This is presumably due to the deformation-induced martensitic
transformation (DIMT) occurring in both of 304 base metal and 308 weld metal. When the DIMT occurs,
the martensite phase is produced with the deformation, and the volume fraction of martensite increases
steadily as the deformation continues, leading to the gradual increase of the work hardening rate [18].
The inflection shown in true stress-strain curve is related to the initiation of DIMT. A number of
researches reported that the DIMT indeed occurs in 300-series austenitic stainless steels and results
in the continuous increase of the work hardening rate during deformation [18,21,22]. At 1050 ◦C,
the work hardening rate gradually increased and an inflection was observed in true stress-strain curve.
In this temperature, the initially present Cr-carbide arrays would dissolve and thus make austenite
matrix denser with carbon atoms. The austenite is thus more stabilized and the DIMT kinetics could
be slower, leading to the increase of elongation. Since the delta ferrite already existing in the weld
metal was mostly transformed into austenite and also the grain size of austenite increased at 1050 ◦C,
the yield strength became lower than the as-weld specimen.
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Figure 11. True stress-strain curves and work hardening rates in terms of (a) PWHT temperature and
(b) PWHT time.

4. Conclusions

The effect of PWHT on the microstructure and mechanical properties of submerged-arc-welded
304 austenitic stainless steel was investigated. The results are summarized as follows:

(1) The base metal initially had a microstructure consisting of austenite matrix and strips of
delta-ferrite surround by Cr23C6. The weld metal consisted of lathy and vermicular type of
delta ferrite and austenite matrix. There was insignificant variation of microstructures and
mechanical properties between HAZ and the base metal, implying that heat affection by welding
was negligible.

(2) Cr-carbides were precipitated at the delta-ferrite/austenite interface in the weld metal after the
heat treatment at 650–850 ◦C. Despite of the presence of Cr-carbide, the yield strength was lower
than the as-weld specimen, which could be possibly explained by the relaxation of internal stress
accumulated during the hot-rolling and the welding.

(3) After heat-treatment at 1050 ◦C, the pre-existing strips in the base metal was dissolved into
austenite and the delta-ferrite of the weld metal was transformed into austenite, leading to
the microstructure close to the austenite single phase. Although the yield strength was lower
than that of the as-weld specimen due to the disappearance of hard phases and the relaxation
of residual stress, the elongation became higher than that of the as-weld metal due to the
compromising effect of strength and partially to the DIMT occurring during deformation. In terms
of fracture toughness, the heat treatment at 1050 ◦C were suggested to provide superior property
than as-weld material due to the trade-off between strength and ductility.
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Abstract: High-pressure torsion (HPT) is applied to a face-centered cubic CoCrFeMnNi high-entropy
alloy at 293 and 77 K. Processing by HPT at 293 K produced a nanostructure consisted of (sub)grains
of ~50 nm after a rotation for 180◦. The microstructure evolution is associated with intensive
deformation-induced twinning, and substructure development resulted in a gradual microstructure
refinement. Deformation at 77 K produces non-uniform structure composed of twinned and
fragmented areas with higher dislocation density then after deformation at room temperature.
The yield strength of the alloy increases with the angle of rotation at HPT at room temperature at the
cost of reduced ductility. Cryogenic deformation results in higher strength in comparison with the
room temperature HPT. The contribution of Hall–Petch hardening and substructure hardening in the
strength of the alloy in different conditions is discussed.

Keywords: high-entropy alloys; high-pressure torsion; microstructure evolution; twinning;
mechanical properties

1. Introduction

The concept of high-entropy alloys (HEAs) as a mixture of more than five metallic elements in
equimolar proportions was proposed first by Yeh et al. in 2004 [1]. Due to increased configurational
entropy, the HEAs were expected to exist in the form of a single solid solution phase while formation
of intermetallic compounds and secondary phases would be suppressed. In reality, the microstructure
of alloys of multiple principle elements is usually more complicated and can consist of a mixture
of different phases including intermetallic ones [2]. Among many proposed HEA compositions,
CoCrFeMnNi alloy indeed has a single phase disordered fcc microstructure [3–5]. Due to such a
’model’ structure, this alloy is currently one of the most studied HEAs so far.

It was found that the CoCrFeMnNi alloy demonstrated very high elongation (7080%), but rather
low yield strength of 200 MPa at room temperature [6,7]. Strengthening of HEA can be achieved
via microstructure refinement. A reduction of a grain size from 150 to 5 μm in the CoCrFeMnNi
alloy increased the yield strength by a factor of two while maintained good ductility [6]. Severe
plastic deformation of the CoCrFeNiMn alloy via high-pressure torsion (HPT) expectably refined the
microstructure to a grain size d~40–50 nm and increased the microhardness of the alloy by a factor
of ~3 [8–10]. The ultimate tensile strength of the alloy after HPT was found to be ~2000 MPa [8].
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The formation of the nanostructure was attributed to fragmentation of nanotwins [8] and to accelerated
atomic diffusivity under the shear strain during HPT [9]. However, the microstructure and mechanical
properties evolution of the alloy was insufficiently studied. For instance, the evolution of tensile
properties during HPT had not been studied yet. Besides, considerably higher intensity of deformation
twinning in the alloy at cryogenic temperature was observed during tension [6,11] or rolling [12].
Increased susceptibility to twinning can significantly accelerate the microstructure refinement, as it
was shown earlier [12–14]. However, no information on attempts of HPT of the CoCrFeMnNi HEA
under cryogenic conditions was found in the literature.

Therefore, the aim of the present work was to investigate in details the microstructure and
mechanical properties evolution of the high-entropy CoCrFeMnNi alloy during high-pressure torsion
at room temperature and to evaluate the effect of temperature decrease to 77 K on structure and
properties of the alloy.

2. Materials and Methods

The equiatomic alloy with the composition of CoCrFeMnNi was produced by arc melting of the
components in high-purity argon inside a water-cooled copper cavity. The purities of the alloying
elements were above 99.9 %. To ensure chemical homogeneity, the ingots were flipped over and
re-melted at least five times. The produced ingots of the CoCrFeMnNi alloy had dimensions of
about 6 × 15 × 60 mm3. Homogenization annealing was carried out at 1000 ◦C for 24 h [15,16].
Prior to homogenization, the samples were sealed in vacuumed (10−2 Torr) quartz tubes filled with
titanium chips to prevent oxidation. After annealing, the tubes were removed from the furnace and the
samples were cooled inside the vacuumed tubes down to room temperature. After the homogenization
procedure, the alloy was cold rolled with ~80% height reduction and then annealed at 850 ◦C for 1 h to
produce a recrystallized structure. The alloy after such a treatment is hereafter referred to as the initial
condition in the current study.

For HPT processing discs measuring 15 mm diameter × 0.8 mm thick were cut from the
recrystallized specimens, then ground and mechanically polished. The samples were subjected
to HPT at 293 K (to 90, 180, or 720◦ of the anvils turn) or 77 K (to 180◦) under a pressure of 4.3 GPa in a
Bridgman anvil-type unit with a rate of 1 rpm using a custom-built computer-controlled HPT device
(W. Klement GmbH, Lang, Austria). The corresponding shear strain level γ was calculated as [17]

γ =
2πNr

h
(1)

where N is the number of revolutions, r is the radius, and h is the thickness of the specimen.
The microstructure of the alloys was studied using transmission (TEM) and scanning (SEM)

electron microscopy and electron back-scattered diffraction (EBSD) analysis. For SEM observations
the specimens were mechanically polished in water with different SiC papers and a colloidal silica
suspension; the final size of the Al2O3 abrasive was 0.04 μm. The samples were examined after
polishing without etching. The SEM back-scattered electron (BSE) images of microstructures in the
initial condition were obtained using a FEI Quanta 3D microscope. EBSD was conducted in a FEI
Nova NanoSEM 450 field emission gun SEM equipped with a Hikari EBSD detector and a TSL OIM™
system version 6.0. EBSD examinations with the step size of 50 nm were carried out in an axial section
in three different characteristic areas: (i) in the central part of the disc, i.e., within ±0.5 mm of the
center; (ii) at half of a radius, i.e., at ~3.5 mm from the center; (iii) at the edge, i.e., at ~6–7 mm from
the center. The points with confidence index (CI) < 0.1 were excluded from the analysis; these points
are shown with black color to avoid any artificial interference in the microstructure. In the presented
inverse pole figure (IPF) maps, the high angle (>15◦) and low angle (2–15◦) boundaries are shown
respectively as black and white lines.

TEM examination was performed in the mid-thickness shear plane of deformed samples in the
vicinity (~1 mm away) of the edge. The samples for TEM analysis were prepared by conventional
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twin-jet electro-polishing of mechanically pre-thinned to 100 μm foils, in a mixture of 90% CH3COOH
and 10% HClO4 at the 27 V potential at room temperature. TEM investigations were performed using
JEOL JEM-2100 apparatus at accelerating voltage of 200 kV.

The dislocation density was determined using X-ray diffraction (XRD) profiles analysis obtained
by a RIGAKU diffractometer with Cu Kα radiation at 45 kV and 35 mA as it was done earlier for the
similar alloy [18]. The value of the dislocation density, ρ, was calculated using the equation [19]

ρ =
3
√

2π
〈
ε2

50
〉

Db
(2)

where
〈
ε2

50
〉

is microstrains, D is the crystallite size, and b is the Burgers vector. The microstrains,
〈
ε2

50
〉
,

and the crystallite size, D, values were estimated on the basis of the Williamson–Hall plot [20], using
the equation

βscosΘ

λ
=

2〈ε2
50〉sinΘ

λ
+

K
D

(3)

where βs is the corrected full width at half maximum (FWHM) of the selected Kα1 reflection of the
studied material, Θ is the Bragg angle of the selected reflection, λ is the Kα1 wavelength, and K is
Scherrer constant. In the present study, the FWHM values and the positions of fcc (111) and (222)
reflections were determined and used for further calculations. The instrumental broadening was
determined from the FWHM values of the annealed silicon powder.

Mechanical properties of the alloy after HPT were determined through tensile tests of flat dog-bone
specimens with gauge measuring 5 mm length × 1 mm width × 0.6 mm thickness. The samples
for the tensile tests were cut from the HPT-processed discs using an electric discharge machine so
that the gage was located at a distance of ~3.5 mm from the sample center. The specimens were then
pulled at a constant crosshead speed of 3 mm/min (strain rate of 0.01 s−1) in a custom built computer
controlled tensile stage for miniature samples to fracture. The stress–strain curves were obtained using
a high-precision laser extensometer.

3. Results

In the initial condition the CoCrFeNiMn alloy had an fcc single-phase microstructure (Figure 1a).
An SEM-BSE image shows a homogeneous microstructure with a grain size of ~15 μm (Figure 1b).
Numerous annealing twins were found inside grains. Some pores visible as black dots can also be
found in the microstructure.

 

(a) (b)

Figure 1. Microstructure of the initial condition of the CoCrFeNiMn alloy: (a) XRD pattern;
(b) SEM-BSE image.
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The influence of HPT on the microstructure depended essentially on the distance from the
specimen center (Figure 2). In comparison with the initial condition, a rotation of 90◦ at room
temperature resulted in rather small changes in the microstructure (Figure 2a) associated with the
formation of low-angle boundaries in some grains and appearance of individual deformation twins.
It should be noted that boundaries of both deformation and annealing twins are crystallographycally
identical. However, deformation twins are usually much thinner than annealing twins and intersect
grains. The thickness of deformation twins in a single phase fcc microstructure is usually several tens
of nanometers [12,21], whereas the thickness of annealing twins can reach several micrometers [22].
Some of the deformation twins are indicated with arrows in Figure 2b,c. The analysis of the EBSD
data showed that observed (both annealing and deformation) twins belong to (111) <112> system
with twin/matrix misorientation of 60◦ around <111>. An increase in the number of deformation
twins and the development of substructure (sometimes appearing as black, poorly distinguished areas
mainly in the vicinity of twin or grain boundaries) with the increase of imposed strain can be observed
(Figure 2b,c).

 
(a) (b) (c) 

 
(e) (d) (f) 

Figure 2. EBSD IPF maps of the CoCrFeNiMn alloy after HPT at 293 K: (a,d) central part of the specimen;
(b,e) half-radius; (c,f) edge of the specimens; (a–c) 90◦ and (d–f) 180◦ rotation. The corresponding true
shear strain is (a) 1.1; (b) 8.4; (c) 13.5; (d) 2.2; (e) 16.8; (f) 26.9. The color code is inserted in Figure 2a.
The deformation twins are indicated with arrows in Figure 2b,c.

The central part of the specimens after rotation for 180◦ (Figure 2d) had a microstructure very
similar to that observed after 90◦ rotation; i.e., only little changes can be observed in comparison
with the initial microstructure. This is possibly due to relatively low true strain in the central part of
both specimens (ε ≤ 2.2). However, much more pronounced changes were observed at larger strain
(Figure 2e,f). The microstructure at the half-radius consisted of relatively large areas of 5–7 μm with
developed substructure and small fragments of ~0.5 μm (Figure 2e). Due to a high level of internal
stresses which prevents obtaining identifiable Kikuchi patterns, a considerable part of the EBSD map
was presented by black dot areas with a low CI. The comparison with the IPF map of the edge part of
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the specimen after the rotation for 90◦ (Figure 2c) suggests that the true shear strain of ~15 is required
to produce a significant fraction of such highly-deformed areas.

At the edge of the specimen, the average size of the visible fragments decreased to ~0.5 μm
(Figure 2f). However, the black dot areas with low CI occupied the majority of the scanned area thereby
suggesting a very high level of internal stresses and considerable microstructure refinement. This
finding is in good agreement with an increase in the true shear strain to 26.9. Detailed TEM analysis of
the microstructure of those severely deformed areas is given below. Note that EBSD analysis of the
sample after the rotation for 720◦ has produced IPF maps almost completely occupied with black dots
both at the center, half-radius, and edge of the specimen that most likely associated with a considerable
increase in homogeneity of the microstructure refinement. The corresponding images are not shown as
they do not present any meaningful information.

The effect of a decrease in deformation temperature to 77 K was studied after the rotation
for 180◦ (Figure 3). Microstructure changes in comparison with the specimen deformed at room
temperature (Figure 2d-f) depended considerably on the examined part of the disk and the imposed
strain. Microstructure of the central part of the specimen deformed at 77 K (Figure 3a) was evidentially
more refined than that at room temperature (Figure 2d) and consisted of rather large areas of ~8 μm
which contained individual twins and relatively poor developed substructure. Low quality of the
EBSD map in between these areas indicated quite a high level of internal stresses, most likely due to
strain localization. Small fragments < 1 μm in diameter were observed in severely deformed areas.
Higher strain level obtained at the half of radius (ε = 16.8, Figure 3b) resulted in a microstructure which
is quite similar to that at room temperature (Figure 2e). At the edge of specimens the microstructure
after HPT at 77 K (Figure 3c) had an obvious metallographic texture with fragments elongated along
the shear direction. The size of the majority of the fragments was quite small (0.2–0.4 μm). However,
big fragments > 2 μm with poorly developed substructure were also observed in the microstructure.
In addition, the fraction of visible fragments was greater than that after room temperature HPT
(Figure 2f) that can suggest lower level of internal stresses in the former case.

 
(a) (b) (c) 

Figure 3. Microstructure of the CoCrFeNiMn alloy after HPT at temperature of 77 K to 180◦: (a) central
part; (b) half-radius; (c) edge. The corresponding true shear strain is (a) 2.2; (b) 16.8; (c) 26.9.

TEM micrographs of the CoCrFeNiMn alloy microstructure after HPT at room temperature is
shown in Figure 4. After HPT rotation for 90◦ at 293 K (Figure 4a,b) the microstructure at the edge of
specimens consisted of crossing deformation twins of 50–100 nm width (corresponding diffraction
pattern inserted in Figure 4a) and high dislocation density. Twins either spaced 0.5–1 μm apart
(Figure 4a) or cluster together with the formation of twin bundles (Figure 4b). After the rotation
for 180◦ at room temperature the microstructure at the edge of specimens was considerably refined
(Figure 4c,d). Although the microstructure can be mainly described as a cellular one with a very
high dislocation density (Figure 4c), very small grains of ~50 nm can also be recognized at larger
magnification. Twin boundaries were not detected in the microstructure. However, a chain of small
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elongated (sub)grains in some places (indicated with dotted lines in Figure 4d) suggested that these
grains can originated from twins. Rotation for 720◦ resulted in the formation of a homogeneous
ultra-fine microstructure consisted of irregular dislocation pile-ups of different shapes and sizes and
very small grains with a size of ~20–60 nm (Figure 4e,f). The diffraction pattern consisted of rings
with many diffracted beams indicating the presence of many small (sub)grains with mainly high
misorientation angle boundaries within the selected field of view (insert on Figure 4e).

(a) (b)

(c) (d)

(e) (f)

Figure 4. TEM images of CoCrFeNiMn alloy microstructure at the edge of specimens after HPT at
temperature of 293 K to: (a,b) 90◦ (true strain of ≈12); (c,d) 180◦ (true strain ≈25); (e,f) 720◦ (true strain
≈50). Elongated (sub)grains and transverse subboundaries are indicated with dash lines and arrows,
respectively in Figure 4d.
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In contrast to the room-temperature deformation (Figure 4c,d), the microstructure observed after
HPT at 77 K was found to be highly inhomogeneous (Figure 5). It consisted of areas with twin bundles
and structure with high dislocation density and subgrain orientation (Figure 5a). The selected area
diffraction pattern (insert in Figure 5a) was obtained from a crystallite with zone axis [062]; within these
crystallite areas, with both twin and subgrain structure can be observed. The reflexes characterizing
the twin orientation are indexed on the diffraction pattern. The matrix reflexes show azimuthal
spread, thereby suggesting the presence of small misorientations inside the crystallite. An example of
such microstructure is shown in the Figure 5b. The microstructure revealed sites of different shapes
and sizes with low-angle misorientation between them; meanwhile, no grains were observed in the
microstructure (Figure 5b).

 
(a) (b)

Figure 5. TEM image of the CoCrFeNiMn alloy microstructure at the edge of specimens after HPT at
temperature of 77 K to 180◦ (true strain ~25). (a) low magnification; (b) high magnification.

According to the XRD analysis, the dislocation density after cryogenic deformation was
2.9 × 1015 m−2. In comparison, after similar processing at room temperature the dislocation density
was 9.14 × 1014 m−2, i.e., three-fold increase in dislocation density due to decrease of HPT temperature
occurred. In turn, the imposed strain at room temperature had weakly affected the dislocation density.
For example, the dislocation density values after rotations for 90◦ and 720◦ were 1.48 × 1015 m−2 and
8.86 × 1014 m−2, respectively, i.e., they were rather similar to each other and to dislocation density
after rotation for 180◦ at room temperature.

Tensile stress–strain curves of the alloy are shown in Figure 6. The resulting mechanical properties
including yield strength (YS), ultimate tensile strength (UTS), uniform elongation (UE), and total
elongation (TE), are summarized in Table 1. Already after a rotation for 90◦ the alloy had a high
ultimate tensile strength approaching 1 GPa but rather limited ductility of ~12%. Increasing HPT
rotation from 90◦ to 180◦ resulted in a moderate rise in strength and a pronounced decrease in ductility
to ~5%. At further increase in strain to two full rotations (720◦) the strength of the alloy increased
considerably (approximately by a factor of 2) while the ductility decreased moderately. A decrease in
temperature of HPT from 293 to 77 K considerably increased the strength of the alloy but not affected
ductility much. All flow curves exhibited a peak flow stress at the initial stages of deformation followed
by a moderate decrease in flow stress. The uniform elongation of the alloy was rather small in all cases
which is quite typical of severely deformed materials [23]. However, after strain localization (at the
maximum flow stress), when the plastic deformation had become concentrated in the neck, the alloy
had showed quite pronounced additional elongation.
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Table 1. Tensile mechanical properties 1 of the CoCrFeNiMn alloy after HPT at 293 and 77 K.

HPT Condition
YS, MPa UTS, MPa UE, % TE, %

Temperature, K Rotation, ◦

293
90 860 981 1.4 11.9
180 1134 1197 0.5 6.4
720 1834 2069 1.4 7.4

77 180 1442 1596 1.3 10.4
1 YS—yield stress, UTS—ultimate tensile stress, UE—uniform elongation, TE—total elongation.

Figure 6. Engineering stress–strain curves obtained during tensile tests of the CoCrFeNiMn alloy after
HPT at 293 and 77 K.

4. Discussion

The results of the present work clearly demonstrate that the microstructure development in the
CoCrFeNiMn alloy during HPT strongly depended on both the imposed strain (i.e., the angle of rotation
and the distance from the center of the discs) and deformation temperature. At room temperature, the
formation of ultra-fine grained (UFG) structure on the periphery of the HPT discs occurred quite fast:
50 nm-sized (sub)grains were observed after a 180◦ turn (Figure 4c,d). Fast kinetics of microstructure
evolution in the alloy during HPT has been already reported [9]. However, it should be noted that the
microstructure developed in the beginning of HPT-straining was highly heterogeneous (Figure 2d–f).
In the center of the discs, initial grains with weakly developed deformation twins/substructure had
survived even after rotation for 180◦ (Figure 2d). This is an obvious result of a strong gradient of
the imposed strain along the radius of the discs and is typical of the HPT process [17]. Meanwhile,
according to the present results, homogenous UFG microstructure can be produced after the rotation
for 720◦.

Formation of UFG microstructure after HPT at room temperature is well documented for various
metallic materials [17] including high-entropy alloys [8–10,24–26]. The microstructure evolution
during HPT is usually associated with the formation of low-angle grain boundaries at low strains and
transformation of some of these low-angle subgrain boundaries into high-angle grain boundaries at
higher strains giving rise to a considerable microstructure refinement. However, in the materials that
deform by both twinning and slip the kinetics of microstructure refinement can be enhanced due to
intensive twin formation [12–14]. Thin twin laths which are separated from the matrix by high-angle
boundaries readily transform into a chain of grains during deformation. This process is particularly
relevant during initial stages of deformation when the number of twins and the density of high-angle
twin boundaries are the highest [13]. It is already established that mechanical twinning can occur in
the CoCrFeNiMn alloy during plastic deformation at room temperature, however, the extent and the
role of twinning in microstructure development remains quite debatable [11,12,27,28].
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The results of the present work indicate that twinning during HPT develops at the edge of
specimens till rather small strains (rotation for ~90◦, Figure 4a,b). The occurrence of twinning during
HPT observed in the present study is in agreement with the results of previous investigations [8,9].
At later stages of strain (rotation for 180◦), an equiaxed structure composed of a mixture of dislocation
cells and grains was observed (Figure 4c). In general the process of the equiaxed fine-grained structure
formation can be associated with: (i) deformation-induced twinning; (ii) fragmentation of twin
laths by secondary twinning and/or transverse subboundaries (indicated with arrows in Figure 4d);
(iii) formation of low-angle boundaries in those parts of microstructure which were not involved into
twinning; and (iv) further increase of their misorientation to the high-angle range due to interaction
with lattice dislocation like it was observed in different metallic materials—including titanium, copper
based alloys, austenitic steel and some others [17,29–32]. Finally, these processes are likely to be
responsible for the microstructure refinement at large strain (Figure 4e,f). This behavior is similar
to that observed during room-temperature rolling of the same alloy [12]. Therefore, fast kinetics of
the microstructure refinement in the CoCrFeNiMn alloy during HPT can be attributed to extensive
deformation twinning which readily occurs at the early stages of deformation.

The effect of twinning on microstructure refinement should be sensitive to deformation
temperature. Since the critical resolved shear stress (CRSS) for twinning in various metals and alloys
depends weakly on temperature compared to that for slip [33], a decrease in deformation temperature
from 293 to 77 K was believed to have resulted in more intensive twinning and increased kinetics of
microstructure refinement [12,13]. However, a decrease in deformation temperature in case of HPT of
the CoCrFeNiMn alloy leaded to the formation of a highly inhomogeneous microstructure composed
of a mixture of twinned and fragmented areas (Figure 5). This is possibly a result of considerable
increase in strength (approximately by a factor of 2 [6]) due to the lower temperature which increased
strain localization and could provoke slippage of anvils at HPT and, thus, reduction of the actually
imposed strain. However, the dislocation density estimated using XRD (Table 2) after cryo-deformation
was considerably higher than that after room temperature HPT. This finding does not agree with the
results of the dislocation density measurements during rolling at 77 and 293 K [12]. During rolling,
active twinning at 77 K promoted microstructure refinement. Possibly, dislocation mechanisms play
more important role in cryo-HPT of the CoCrFeNiMn alloy than during HPT at room temperature, and
therefore, the formation of homogeneous UFG structure occurs slower under cryogenic conditions.

The microstructure analysis is in reasonable agreement with the results of mechanical properties.
The observed microstructure refinement during HPT at room temperature was accompanied by a
considerable rise in strength and some decrease in ductility (Figure 6). It should be noted, however,
that the difference in the microstructure in terms of (sub)grain size and dislocation density (Table 2)
was negligible between the specimens processed for 180◦ or 720◦ turns. Meanwhile, the alloy after
rotation for 720◦ was found to be approximately 30% stronger than that after strain to 180◦. Also,
strength of the cryo-deformed alloy was substantially higher than that of the specimen after room
temperature HPT despite highly inhomogeneous, coarser microstructure.

The contributions of the most relevant hardening mechanisms in strength of the deformed alloy
can be expressed as

YS = σ0 + σρ + σH−P (4)

where σ0 denotes the friction stress, σρ is the substructure hardening and σH−P is the Hall–Petch
hardening. The substructure hardening σρ can be expressed as

σρ = MαGb
√

ρ (5)

where M is the average Taylor factor, α is a constant, G is the shear modulus, b is the Burgers vector,
and ρ is the dislocation density. The Hall–Petch contribution to the strength is typically of the form

σH−P = Ky d
−1
2 (6)
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in which Ky is the Hall–Petch coefficient and d is the grain size.
The dislocation density was found to be quite similar for the specimens processed for 180◦

or 720◦ at room temperature (Table 2). This result is in agreement with the equality of measured
size of cells or subgrains in both structures since it is well established that dsub~

√
ρ [34], where

dsub—is the average size of subgrains. Therefore, it can be assumed that the only relevant factor
which changes during HPT of the alloy from 180◦ to 720◦ strain is the grain size. Here the “grain”
term is used to denote the crystallites bordered by high (≥ 15◦) angle boundaries. The evolution of
grain size during deformation was evaluated using equation (1); the input parameters for calculation
were: Ky = 0.494 MPa m1/2 and σ0 = 125 MPa (both parameters were taken from [6]), M = 3, α = 0.2,
G = 81 GPa [35], b = 2.54 × 10−10 m [28]. Estimated dislocation densities and yield stress are tabulated
in Table 2.

Table 2. Input parameters and results of calculation for the evaluation of contributions of the Hall–Petch
and substructure hardening mechanisms.

Strain, ◦
(Temperature, K)

Dislocation
Density, m−2

Calculated
Grain Size, nm

σH−P, MPa σρ, MPa
Predicted YS,

MPa

90 (293) 1.48 × 1015 2500 311 475 911
180 (293) 9.14 × 1014 580 646 373 1144
720 (293) 8.86 × 1014 140 1317 367 1809
180 (77) 2.9 × 1015 625 625 664 1414

The best fit of experimental results was obtained when the grain sizes take on values shown
in Table 2. Although microstructural investigation did not obviously support these findings, the
obtained data seems quite reasonable. At the initial stages of deformation the fraction of the high-angle
boundaries is rather low and consists of initial grain boundaries and boundaries of deformation twins.
Therefore, the effective grain size should be approximately equal to the average space between twin
boundaries. This similarity can indeed be observed in the microstructure.

During further deformation, new grains developed in place of subgrains within initial grains.
This is a result of gradual transformation of geometrically necessary boundaries, which separate
microvolumes with different combinations of slip systems [36], from low-angle subboundaries into
high-angle grain boundaries. The fraction of high-angle grain boundaries gradually increased, thereby
decreasing the effective grain size. At the final stages of HPT all sub-boundaries are expected to be
transformed into boundaries; this situation was nearly reached after the rotation for 720◦ when the
calculated grain size was only three times larger than the measured size of subgrains. Taking into
account some decrease in strain along the radius (the yield stress was measured exactly at the middle
of radius, while TEM investigations were performed closer to the edge of the discs) than the point
where the microstructure was analyzed) this approximation can be considered quite reasonable.

The results of the calculation show that the Hall–Petch hardening contribution increased with
strain while the substructure hardening maintained at approximately the same level (Table 2, Figure 7).
Thus, the Hall–Petch hardening contribution becomes much more important than the substructure
hardening in samples rotated for angles larger than 180◦. This result is in good agreement with data
reported earlier for the nanocrystalline HEA [37].

It is worth noting that, according to the calculations, the effective grain size in the CoCrFeNiMn
alloy after HPT at 293 and 77 K is approximately equal (Table 2). Higher strength of the sample
deformed in cryogenic condition can be ascribed to the contribution of substructure (dislocation)
hardening. After the rotation for 180◦ at cryogenic temperature, the contribution of the substructure
hardening is comparable to that of the Hall–Petch hardening (Figure 7).
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Figure 7. The contributions of different hardening mechanisms in strength of CoCrFeNiMn alloy during
HPT at 293 K and 77 K. Exper.—experimental yield stress; pred.—predicted yield stress, obtained from.
Equation (4); H-P—Hall-Petch hardening; disl—substructure hardening. Temperatures of HPT are
indicated in brackets.

5. Conclusions

Microstructure evolution and mechanical properties of CoCrFeMnNi high-entropy alloy during
high-pressure torsion (HPT) at 293 and 77 K was studied. Following conclusions were made:

(1) HPT processing at room temperature results in the formation of in inhomogeneous severely
deformed microstructure with (sub)grains of ~50 nm already after the rotation for 180◦.
The microstructure evolution was associated with intensive deformation-induced twinning,
and substructure development resulted in a gradual microstructure refinement.

(2) HPT at 77 K produced more heterogeneous structure in comparison with the room-temperature
deformation. The dislocation density was much higher after cryogenic deformation.

(3) Tensile strength of the alloy after HPT at 293 K was found to be strongly dependent on HPT
strain. The ultimate tensile strength increased from 981 to 2069 MPa when the rotation angle at
HPT increased from 90◦ to 720◦. In all examined conditions, the alloy exhibited limited ductility.

(4) A decrease of HPT temperature from 293 to 77 K resulted in higher tensile strength. A rotation
for 180◦ resulted in the ultimate tensile strength of 1193 MPa and 1596 MPa after processing at
room and cryogenic temperature, respectively.

(5) An increase of yield strength of the alloy with an increase of the angle of rotation can mostly be
ascribed to a contribution of Hall–Petch strengthening. In turn, higher strength of the alloy after
HPT at 77 K was attributed to substructure (dislocation) hardening.
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Abstract: The microstructure and toughness of tungsten inert gas (TIG) backing weld parts in
low-pressure steam turbine welded rotors contribute significantly to the total toughness of the weld
metal. In this study, the microstructure evolution and toughness of TIG weld metal of 25Cr2Ni2MoV
steel low-pressure steam turbine welded rotor under different post-weld heat treatment (PWHT)
conditions are investigated. The fractography and microstructure of weld metal after PWHT are
characterized by optical microscope, SEM, and TEM, respectively. The Charpy impact test is carried
out to evaluate the toughness of the weld. The optical microscope and SEM results indicate that the
as-welded sample is composed of granular bainite, acicular ferrite and blocky martensite/austenite
(M-A) constituent. After PWHT at 580 ◦C, the blocky M-A decomposes into ferrite and carbides.
Both the number and size of precipitated carbides increase with holding time. The impact test results
show that the toughness decreases dramatically after PWHT and further decreases with holding time
at 580 ◦C. The precipitated carbides are identified as M23C6 carbides by TEM, which leads to the
dramatic decrease in the toughness of TIG weld metal of 25Cr2Ni2MoV steel.

Keywords: welded rotor; weld metal; impact toughness; PWHT; microstructure evolution

1. Introduction

Steam turbines play an important role in modern power plants. As a result of concerns related to
the environmental impact from pollutants and greenhouse gas, the power industry has had to improve
thermal efficiency by developing ultra-supercritical (USC) combustion technology, which has led to
elevated steam temperatures and continuously increasing demand being placed on their components’
performance [1]. The harsher working conditions exert extra stress on all moving parts, demanding
higher reliability with much-enhanced mechanical properties for all components [2,3]. Steam turbine
rotors are one of the most critical and highly stressed parts in steam turbines, experiencing centrifugal
force, torsional force and bending stress. Thus, the material used to manufacture steam turbine
rotors needs to have excellent performance, such as high ductility, deep hardenability, high strength,
high fatigue strength and creep resistance [4–6]. NiCrMoV refractory steel has been proved to be a
suitable material for meeting these requirements of steam turbine rotor materials [7–9]. However, it is
difficult to manufacture high-quality steam turbine rotors by forging directly, because of their heavy
section and large dimensions. Thus, welded rotors have been widely used, with advantages including
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lighter weight, higher rigidity, easier manufacturing process, shorter production cycle, lower cost,
and excellent performance [10,11].

In practice, for large-scale rotors, multi-layer and multi-pass welding technologies are
utilized due to their advantages in terms of normalizing the pre-layer or pre-pass microstructure,
thus increasing the ductility and improving the welding quality. The narrow gap-welding method is
frequently chosen in the manufacturing of large-scale rotors, in order to join several forged parts with
less filler wire consumption and weld deformation. Despite the weld quality of narrow-gap tungsten
inert-gas welding (NG-TIG) is better than that of narrow-gap submerged-arc welding (NG-SAW),
NG-SAW is generally employed to manufacture heavy section rotors, due to its higher efficiency and
lower cost [12–15]. In the manufacturing process of large-scale rotors, NG-TIG is firstly employed for
backing weld, and then multi-layer and multi-pass NG-SAW is used to manufacture the welded rotor.

After the welding process, post-weld heat treatment (PWHT) for the welded joints is invariably
carried out, and is indispensable for eliminating welding stress and improving comprehensive
mechanical properties [16–20]. Tempering is one of the methods for PWHT that is able to release the
welding stress and stabilize the microstructure of the welded rotor steel [21–24]. Generally, the welded
rotor is heated to a higher temperature with a certain heating speed and then the welded rotor is
insulated for a period of time followed by a cooling process with a lower cooling rate in the furnace or
air because of the large size and high thickness of the welded rotor [25,26].

For a qualified weld metal, the creep property and fatigue resistance are essential performances,
while good impact toughness at room temperature should be also taken into account to ensure
reliability during the testing and startup or shut-down of plants. However, the weld metal of NiCrMoV
refractory steel is susceptible to tempered embrittlement as a consequence of tempering within a
specified temperature range, leading to a dramatic decrease in impact toughness [27]. Salemi et al. [8]
investigated the effect of tempering temperature on the mechanical properties and fracture morphology
of NiCrMoV steel. They found that the impact energy was improved by increasing the tempering
temperature without any evidence of tempered martensite embrittlement. Wang et al. [28] studied the
microstructure and impact toughness of 15Cr2Ni3MoW steel after tempering at different temperatures.
The results showed that a large amount of stabilized martensite/austenite (M-A) islands appeared
after the tempering treatment at 350 ◦C, while the M-A islands decomposed into precipitated carbide
distributing along the grain boundary, which is responsible for the tempering brittleness. As the
multi-layer and multi-pass NG-SAW part constitutes the majority of weld metal, most research has
placed an emphasis on the microstructure and mechanical properties of NG-SAW parts. Li et al. [29,30]
investigated toughness weak point of bainite weld metal of NiCrMoV refractory steel. They found that
the carbon-rich areas containing much more M-A blocks in the incomplete phase change zone of layers
between two adjacent beads were responsible for the decrease of toughness. Furthermore, the influence
of the M-A blocks on the weld toughness was closely related to the distribution, pattern and dimension.
Zhang et al. [31] concluded that the precipitation and aggregation of carbides was disadvantageous
to the toughness. However, little study has been focused on the microstructure and toughness of
TIG backing weld parts, which is an indispensable part and contributes to the toughness of whole
weld metal significantly. In this study, the toughness of the TIG weld metal of 25Cr2Ni2MoV steel
is evaluated by Charpy impact test. The fractography and microstructure evolution under different
PWHT conditions are characterized by optical microscope (OM), scanning electron microscopy (SEM)
and transmission electron microscopy (TEM) to reveal the fracture mechanism.

2. Materials and Methods

The base metal used in this study is 25Cr2Ni2MoV steel and the filler metal is 2.5% Ni low-alloy
steel. The chemical compositions of the base metal (BM) and the filler metals (FM) are listed in
Table 1. The 25Cr2Ni2MoV steel is welded by TIG and the welding parameters are listed in Table 2.
The dimensions and position of samples used in this study are shown in Figure 1. All the samples
were carefully taken from the middle of the weld joint. After the welding process, the samples were
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immediately subjected to PWHT in the furnace with different heat treatment parameters, including
hold times of 5 h, 10 h and 20 h at temperature of 580 ◦C. The detailed PWHT process is shown in
Figure 2.

Table 1. The composition of base metal and filler metals (BM: base metal; FM: filler metal).

Elements C Si Mn P S Cr Mo Ni V Cu Fe

BM 0.24 0.05 0.20 0.004 0.003 2.36 0.76 2.23 0.07 <0.17 Balance
FM 0.094 0.23 1.42 <0.010 0.002 0.56 0.52 2.20 <0.01 0.059 Balance

Table 2. The detailed welding process parameters.

Parameters Wire Diameter (mm) Current (A) Voltage (V) Speed (mm/min) Gas

- 1.0 270 11.2 70 Ar 99.999%
20/30

Figure 1. The schematic figure showing the dimensions and position of samples used for study.

 

Figure 2. The schematic diagram of thermal cycles of PWHT for weld metal with different hold times
of 5 h, 10 h and 20 h at 580 ◦C.

The Charpy impact test was conducted at room temperature to evaluate the impact toughness
of the weld metal treated by different PWHT process according to the ASTM E23-2008 standard
procedure. Standard Charpy V-notch (CVN) samples with dimension: length × width × thickness =
55 mm × 10 mm × 10 mm, were cut from the weld metal and Charpy impact tests were performed
by pendulum impact tester of PTM2200-D1 impact testing system (SUNS Technology Stock Co. Ltd.,
Shenzhen, China). To ensure the reliability of the results, each kind of sample was tested five times.
After impact tests, the fractography for the impact fractures of different samples were observed by
scanning electron microscope (SEM).
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In order to analyze the microstructure evolution and mechanism of impact fracture of weld
metal with different PWHT, OM, SEM and TEM were conducted to observe the microstructure.
The weld metal samples without PWHT, as well as those treated by different PWHTs, were mounted
and mechanically polished according to standard metallographic procedures for microstructure
observation. The samples were etched by 4% Nitric acid and alcohol solution, then the microstructure
of these specimens was analyzed by OM and SEM. The fine microstructure of weld metal was further
investigated by transmission electron microscope (TEM) on FEI Tecnai G2 F20 FEG-TEM (FEI, Hillsboro,
OR, USA) equipped with an energy-dispersive X-ray spectrometer (EDS) at 200 kV. The TEM samples
were prepared by mechanical grinding and polishing followed by thinning to an electron-transparent
thickness by low-energy Ar ion milling and subsequent ion polishing using Gatan PIPS, model 691
(Gatan, Inc., Pleasanton, CA, USA).

3. Results and Discussion

3.1. Microstructure Analysis

Figure 3 shows the representative metallographic images of the as-welded sample and the samples
with PWHT with different hold times. SEM was also carried out to further observe the microstructure
of the weld metal, and the results are shown in Figure 4. Figures 3a and 4a,b show the microstructure
of the as-welded sample. The microstructure of as-welded sample is mainly composed of granular
bainite, (GB) and a certain amount of acicular ferrite (AF). In addition, a large number of blocky M-A
(martensite/austenite) are homogeneously distributed in the bainite and ferrite matrix. With further
observation, it can be seen that blocky M-A with size of less than 10 μm is not decomposed, and no
carbide precipitation is observed. Whereas, after PWHT, the blocky M-A decomposes into ferrite and
carbide, and the decomposition continues with the increase of the holding time. In addition, the size
of blocky M-A also increases with the increase of holding time. As shown in Figures 3b and 4c,d,
after PWHT with a holding time of 5 h, the blocky M-A decomposes slightly. After PWHT with holding
time of 10 h, the blocky M-A blocks decompose with small granular carbides distributing around the
blocky M-A, as can be seen from Figures 3c and 4e,f. For PWHT with holding time of 20 h, the blocky
M-A dramatically decomposes and a large amount of thick carbides precipitate around the boundary.
Furthermore, some of the carbides have become spheroidizing.

Figure 3. Optical microscopy (OM) images of the as-welded sample (a) and the samples after PWHT
with different hold time at 580 ◦C: (b) 5 h, (c) 10 h, and (d) 20 h.

113



Metals 2018, 8, 160

Figure 4. SEM images of the as-welded sample (a,b) and the samples after PWHT with different hold
times at 580 ◦C: (c,d) 5 h, (e,f) 10 h, and (g,h) 20 h.

3.2. Charpy Impact Results

The Charpy impact test was carried out at room temperature to evaluate the toughness of the
weld metal with different hold times at 580 ◦C in PWHT. The absorbed energies in the Charpy impact
test versus hold times, as well as the deviation from the average value, are shown in Figure 5. It can
be seen that the as-welded metal had the highest absorbed energy, at around 177.4 J. The absorbed
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energies of the weld metal dramatically decrease after PWHT and that gradually decreases with the
hold time from 5 h to 20 h. It can be expected that the absorbed energies of the weld metal will continue
to decrease with increasing of the hold time in PWHT to a certain extent. Specifically, the absorbed
energy of weld metal with a holding time of 5 h is 69.0 J. When the hold time is 10 h, the absorbed
energy is about 54.4 J. The weld metal with holding time of 20 h has the lowest absorbed energy of
38.5 J, which is more than four times lower than the as-welded one. The dramatic decrease of the
toughness of the weld metal can be attributed to the microstructure evolution caused by the different
PWHT processing. Associating the microstructure evolution of weld metal after PWHT with the
Charpy impact test results, it is concluded that the precipitation of carbides along the boundaries of
the blocky M-A has a great influence on the toughness of the sample.

 

Figure 5. The absorbed energies in Charpy impact test of the as-welded metal and the samples with
PWHT with different hold time of 5 h, 10 h and 20 h at 580 ◦C.

3.3. Fractography Characterization

The morphology and cross-section of the fracture surface of the samples with different holding
times were characterized by SEM to investigate the mechanism of fracture. Figure 6a,b presents
the SEM fractograph of the as-welded sample. The presence of dimples is obvious at the fracture
surface of this sample, indicating a ductile fracture mechanism. However, in general, the fracture
mechanism transforms from ductile fracture to the combined mechanism, with both brittle fracture
and ductile fracture after PWHT. Specifically, the fractography of weld metal after 5 h holding time
shows characteristics of quasi cleavage fracture with numbers of cleavage facets as shown in Figure 6c.
Figure 6d shows the unbroken blocky M-A blocks located along the fracture surface, and the size
of cleavage fracture surface is also in agreement with that of the blocky M-A blocks, indicating that
the boundary of blocky M-A blocks provides a crack propagation path when the sample is impacted.
When the holding time is 10 h, the fracture morphology of the sample shows the characteristics of
quasi cleavage fracture containing a large number of cleavage facets. However, compared to the
sample with 5 h holding time, there are a number of dimples around the cleavage facets, which reveals
that the initiation of cleavage facets is possibly the micro crack around the dimples. As shown in
Figure 6f, the crack propagation path is still along the boundary of blocky M-A blocks, which is
similar to the mechanism of sample with 5 h holding time. When the holding time increases to 20 h,
the fracture morphology of the sample is still that of a quasi cleavage fracture with lots of cleavage
facets. More dimples can easily be found on the fracture surface when compared to the sample
with 10 h holding time. However, carbide particles can be clearly seen in the dimples, as shown in
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Figure 6g. From this result, it can be inferred that the initiation of micro cracks, which grow into
cleavage facets, is attributed to carbide particles precipitated around the blocky M-A. The cross-section
of the fracture surface (Figure 6h) shows that the crack propagation path is also along the boundary of
blocky M-A. In association with the OM and SEM microstructure characterization, it can be concluded
that the carbide particle precipitated around the boundary of blocky M-A grows larger and the number
becomes more with the increase of the holding time. Consequently, there is more potential initiation of
micro cracks in the weld metal, which is responsible for the decrease of toughness after PWHT.

 

 

 

 

Figure 6. The SEM fractograph of Charpy samples with different PWHT hold times at 580 ◦C:
(a,b) as-welded sample; (c,d) 5 h, (e,f) 10 h, and (g,h) 20 h. The typical evidence of the brittle fracture
and ductile fracture are pointed out by arrows.
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3.4. TEM Characterization

In order to further investigate the fine microstructure and the precipitated carbides around blocky
M-A, TEM was conducted, and the results are presented as Figures 7–9. As shown in Figure 7, there is
no carbide precipitated from the blocky M-A blocks in the as-welded sample. The selected area electron
diffraction (SAED) pattern as shown in Figure 7b reveals that the substrate is mainly composed of
ferrite. Figure 8 displays the typical TEM images of the samples after PWHT with a hold time of
20 h. It can be obviously seen that a large amount of needle-like and blocky carbides with dimensions
of about 100–200 nm are precipitated from the M-A blocks and ferrite substrate. According to the
SAED patterns of precipitated carbides and HR-TEM result (in Figure 9), the precipitated carbides are
identified as M23C6 carbides. Associating the OM, SEM and TEM microstructure characterization
with the dramatic decrease in toughness of TIG weld metal of 25Cr2Ni2MoV steel, it is concluded that
the precipitation of M23C6 carbides leads to the significant decrease in the toughness.

 

Figure 7. (a) Bright field image of the as-welded sample and (b) corresponding SAED patterns.

 

Figure 8. The typical TEM images of the samples after PWHT with hold times of 20 h (a,b),
and corresponding selected area electron diffraction (SAED) patterns of precipitated carbide (c).

 

Figure 9. HR-TEM images of the boundary between the precipitated carbides and the substrate,
with the corresponding FFT results shown in the inset.
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4. Conclusions

The microstructure evolution, toughness and the fracture morphology of the weld metal of
25Cr2Ni2MoV steel treated with different PWHT holding times have been studied. The results
obtained can be summarized as follows:

1. The microstructure of the as-welded sample is composed of granular bainite and acicular ferrite.
In addition, a large number of blocky M-A is homogeneously distributed in the bainite and ferrite
matrix. The as-welded sample exhibits the highest toughness of 177.4 J.

2. After PWHT at 580 ◦C, the blocky M-A decomposes into ferrite and carbides, and the carbide
particles are distributed along the boundary of the blocky M-A. As the holding time in PWHT
is increased, more blocky M-A decomposes, and both the number and size of the precipitated
carbides grow.

3. As the precipitation of carbide particles distributes along the boundary of blocky M-A,
the toughness of the weld metal dramatically decreases after PWHT. Both the number and
size of precipitated carbide particles grow with the increase in holding time during PWHT.
Since the initiation of micro cracks is attributed to the precipitated carbide particles and the crack
propagation path is along the boundary of the blocky M-A, the sample with the longer holding
time during PWHT has the lower toughness. Therefore, a shorter holding time during PWHT is
suggested in order to achieve higher toughness for TIG-welded 25Cr2Ni2MoV steel.

4. The precipitated carbide particles are identified as M23C6 carbides by TEM characterization,
which is responsible for the dramatic decrease in the toughness of the TIG weld metal of
25Cr2Ni2MoV steel.
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Abstract: In this paper, the precipitation, recrystallization, and evolution of twins in Cu-Cr-Zr alloy strips
were investigated. Tensile specimens were aged at three different temperatures for various times so as to
bring the strips into every possible aging condition. The results show that the appropriate aging parameter
for the 70% reduced cold-rolled alloy strips is 723 K for 240 min, with a tensile strength of 536 MPa and
an electrical conductivity of 85.3% International Annealed Copper Standards (IACS) at the peak aged
condition. The formation of fcc (face-centered cubic) ordered Cr-rich precipitates (β′) is an important
factor influencing the significant improvement of properties near the peak aged condition. In terms of
crystallographic orientation relationships, there are basically two types of β′ precipitates in the alloy.
Beyond the Cr-rich precipitates (β′(I)) formed during the early aging stages, which mimic a cube-on-cube
orientation relationship (OR) with the matrix, another Cr-rich precipitate (β′(II)) is observed in the
peak aged condition. β′(II) is coherent with the matrix, with the following ORs: [111]β′(II)//[100]Cu,
{02-2}β′(II)//{02-2}Cu and [011]β′(II)//[211]Cu, {200}β′(II)//{-111}Cu. These precipitates have a strong
dislocation and grain boundary pinning effect, which hinder the dislocation movement and crystal
boundary migration, and eventually delay recrystallization and enhance the recrystallization resistance of
the peak aged strips. During the subsequent annealing process, the transition phase β′ gradually loses the
coherence mismatch and grows into a larger equilibrium phase of chromium with a bcc (body-centered
cubic) structure (β), resulting in the reduction of the pinning effect to dislocations and sub-grains, so that
recrystallization occurs. Annealing twins are formed during the recrystallization process to release
the deformation energy and to reduce the drive force for interface migration, eventually hindering
grain growth.

Keywords: Cu-Cr-Zr; precipitation; orientation relationship; recrystallization; annealing twins

1. Introduction

Copper and its alloys are widely used in automobile, electronic, and electric power industries
due to their high strength, high thermal and electrical conductivity, and good ductility, as well as
because they can be easily shaped [1–6]. To satisfy applications in the frame materials in large-scale
integrity circuits, besides the requirement of high strength and high electrical conductivity, excellent
recrystallization resistance is also needed. Cu-Cr-Zr might be able to satisfy these requirements. Extensive
literature is available on the microstructures, physical properties, and mechanical properties of Cu-Cr-Zr
alloys [6–13]. From the literature, cold working and aging treatment are considered to be the two most
important materials-processing techniques for Cu-Cr-Zr alloys. Fiber and banded structures can be
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formed during the cold work process, resulting in an increase of strength and hardness. The strength and
electrical conductivity can be further improved via aging treatment through the formation of second phase
precipitation. The precipitation of binary Cu-Cr alloys is well studied. The main strengthening phase
formed during the aging process is the equilibrium phase of chromium (β) with a body-centered cubic
structure (bcc, a = 0.2895 nm). No transition phase is observed at the early aging stage [14,15]. There is
a general agreement about the fact that a transition phase β′ is formed during the ternary Cu-Cr-Zr alloy
aging process [16,17]. Nevertheless, the structure and orientation of the precipitated phase has not yet
formed a consistent theory. Tang et al. [16] reported that, for Cu-Cr-Zr-Mg alloys, the peak hardness was
associated with the fine scale of an ordered compound, possibly of the Heusler type, with the suggested
composition of CrCu2 (Zr,Mg) and a face-centered cubic (fcc) crystal structure with a large unit cell
containing 8 Cu, 4 Cr, and 4 Zr or 4 Mg. This unit cell can be regarded as containing 8 bcc sub-cells with
each housing a Cu atom at its center and Cr, Zr, or Mg atoms alternatively occupying the corners. This
Heusler type (CrCu2 (Zr,Mg)) phase was also reported by Liu et al. [18], Qi et al. [19], and Su et al. [20].
Using multi-angle electron diffraction, Batra et al. [21] proved the existence of a transition fcc structure
Cr-rich phase with a cube-on-cube OR during the early aging stage. This kind of fcc structure was also
observed by Xia et al. [22] and Chen et al. [23]. Moreover, other precipitation phases have also been
observed, like Cu4Zr [16] or Cu51Zr14 [24], and some Zr and Fe segregations along Cu/Cr interfaces [25]
have also been reported. As discussed above, the transition phases have not yet been elucidated. As a result,
it is of great importance to elucidate the structure of the precipitates, especially the structure of the phases
formed during peak aged conditions.

A high operating temperature can be achieved for the application of frame materials in large-scale
integrity circuits, making the recrystallization resistance of great importance for the successful
application in the frame materials. However, only very few reports are available to discuss the
recrystallization resistance behavior as well as the mechanism of Cu-Cr-Zr alloys. Liu et al. [18] studied
the aging process of Cu-Cr-Zr-Mg alloys prepared via the rapid solidification method. Recrystallization
occurred and the precipitates kept coarsening when aged at 723 K for 240 h. Su et al. [26] reported that
when the temperature exceeded 773 K, recrystallization occurred in a 45% cold-rolled Cu-Cr-Zr-Mg
alloy, while the precipitates coarsened at the same time. These reports clearly suggest that the
recrystallization resistance properties of Cu-Cr-Zr alloys are related to the coarsening of the precipitates.
This is necessary to elucidate the evolution of the precipitation as well as the microstructure in order to
facilitate the preparation of highly recrystallization-resistant Cu-Cr-Zr alloys.

In this work, we studied the evolution of precipitation, recrystallization, and twins during the
heat treatment process in a Cu-Cr-Zr alloy. We identified the crystal structure and the orientation
relationships of the strengthening phases at the peak aged condition. In addition, the corresponding
precipitation strengthening effect and recrystallization resistance mechanism were discussed.

2. Experiments

The chemical composition of the hot-rolled Cu-Cr-Zr alloy employed in this work is as follows
(wt %): 0.80-Cr, 0.20-Zr, and Cu balance (Bal.). The initial hot-rolled sheet was 50 mm in thickness.
After solution heat treatment at 1253 K for 60 min and after quenching with water, the sheet was
cold-rolled to 1.5 mm with a reduction ratio of about 70%. The cold-rolled sheet was isothermally aged
at 673 K, 723 K, and 773 K for various lengths of time. Tensile strength and electrical conductivity
measurements were carried out to determine the best aging condition. Afterwards, the best aged
sample was treated by stabilization annealing from 573 K to 973 K with a temperature interval of 50 K
for 60 min.

Tensile tests were performed on a CSS-44100 electronic universal testing machine (Sinotest
Equipment Co. Ltd., Changchun, China) and carried out at room temperature with a tensile speed of
2 mm/min. Hardness (HB) was tested with an HBE-3000 type digital Brinell hardness (Guangzhou
material Testing Machine Factory, Guangzhou, China) with a 25-kg load and a 30-s loading time.
The electrical conductivity was measured via an eddy current conductivity meter (Xiamen Xin Bote
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science and Technology Co. Ltd., Xiamen, China) under a work frequency of 60 kHz. The resistivity
was calculated and transformed into electrical conductivity according to International Annealed
Copper Standards (IACS).

Specimens for optical microscopy (OM) observations were polished and etched in a solution of
10% potassium dichromate, 5% sulfuric acid, and 85% distilled water, and performed on a LEICA
EC3 optical microscope (Nanjing Jiangnan Novel Optics Co. Ltd., Nanjing, China) equipped with
a digital camera. Samples for transmission electron microscopy (TEM) observations were prepared via
double jet electropolishing techniques. The electrolyte consisted of 30% nitric acid in methanol and the
solution was maintained at a temperature between 243 K and 253 K. The TEM images and selected area
electron diffraction (SAED) were taken by an FEI Tecnai G2 20 transmission electron microscope (FEI,
Hillsboro, OR, USA) operating at 200 kV. TEM samples from all conditions were prepared from the
center of the tensile or hardness test samples in a direction parallel to the rolling direction. The aged
or annealed samples were cooled in air. To investigate areas of the partly recrystallized samples,
the techniques of electron backscatter diffraction (EBSD) in a scanning electron microscopy (SEM) (FEI,
Hillsboro, OR, USA) were applied. The local orientation measurements were investigated by a Sirion
200 Field-Emission Scanning Electron Microscope (FEI, Hillsboro, OR, USA). The EBSD measurements
were carried out at an accelerating voltage of 20 kV and a scan step of 0.2 μm. The results were
analyzed via orientation image microscopy (OIM) analysis software.

3. Results

3.1. Properties

Figure 1 shows the influence of the aging time on both the tensile strength (Figure 1a) and electrical
conductivity (Figure 1b) of the studied alloy. It can be observed that tensile strength and electrical
conductivity increase rapidly during the early stage of aging as the second phase particles rapidly
form in the matrix. It can also be seen that the time required to reach peak strength decreases with the
increasing aging temperature (Figure 1a). On the other hand, it can also be observed that, when the
aging temperature is increased to 773 K, the tensile strength in the peak aged condition is lower than
that of aging at 723 K. As shown in Figure 1b, the electrical conductivity can reach to above 80% IACS,
when aged at 723 K or 773 K. An excellent combination of those properties, such as a tensile strength
of 536 MPa and an electrical conductivity of 85.3% IACS, is obtained in the Cu-Cr-Zr alloy aged at
723 K for 240 min (minimum). The most suitable aging condition is considered to be one where good
combinations of strength and conductivity can be obtained after aging. As a result, the optimized
aging treatment for this alloy is 723 K for 240 min.

Figure 1. (a) Tensile strength and (b) electrical conductivity of the Cu-Cr-Zr alloy as a function of aging
time at various temperatures.
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Figure 2 shows the hardness of the peak aged samples after annealing at different temperatures
for 60 min. The hardness in the peak aged condition is 163 HB. When the annealing temperature
is lower than 773 K, the hardness of the alloy can be kept at a high value. The hardness of the
alloy begins to decrease rapidly when the annealing temperature is above 773 K. After annealing
at 823 K, the decrease in hardness is significant, and the hardness is 143 HB, about 87.4% of the
unannealed sample. The hardness of the alloy continues to decrease as the temperature increases.
When the annealing temperature increases to 873 K, the hardness is 131 HB, just about 80.4% of the
unannealed sample.

Figure 2. The hardness of the Cu-Cr-Zr alloy as a function of the peak age samples after annealing at
different temperatures for 60 min.

3.2. Microstructure

Figure 3 shows OM micrographs of differently treated Cu-Cr-Zr alloys. Typical cold rolling
deformation characteristics are still retained in the peak aged samples, as shown in Figure 3a. The grains
are elongated and wavy along the rolling direction. Figure 3b,c show the structure of the peak aged
samples after annealing at different temperatures. Clear recrystallized grains are observed in the
samples after annealing at 873 K, as shown in Figure 3b. After annealing at 973 K, a full recrystallized
structure is observed, as shown in Figure 3c. The grain size is uniform, with an average grain size of
about 10 μm, and no obvious grain growth is observed.

Figure 3. Optical microscopy (OM) micrographs of Cu-Cr-Zr alloys with 240-min-aged initial states at
(a) 723 K, and 60-min-annealed states at different temperatures of (b) 873 K and (c) 973 K.

Figure 4 shows the bright-field (BF) image of Cu-Cr-Zr alloys in different heat treatment conditions.
The grains are deformed to different degrees after heavy cold rolling, resulting in the formation of
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different deformation zones. A large number of dislocations are intertwined to form dislocation walls
or dislocation transition zones. There are generally two types of boundaries that form and evolve via
heavy cold rolling. These boundaries have been termed geometrically necessary boundaries (GNBs)
and incidental dislocation boundaries (IDBs), where GNBs form between regions of different strain
patterns to accommodate the accompanying difference in lattice rotation, and IDBs form via the
random trapping of dislocations [27]. After the aging treatment, the dislocations are rearranged to
form small dislocation cells, and the dislocation cells aggregate in the dislocation cell walls, resulting
in the decrease of the dislocation density inside the dislocation cells. The IDBs in the local shear zone
start to evolve into small angle sub-grains with a size of 0.2–0.5 μm, as shown in Figure 4a. After aging
at 723 K for 240 min, when the alloy is annealed at a temperature higher than 773 K, the sub-grains
are clearly changed. After annealing at 823 K, well-developed sub-grains with a size of 0.2–0.5 μm
can be observed, accompanied by the weakening of GNBs and IDBs in the shear deformation zone
(Figure 4b). After annealing at 873 K, recrystallized grains are observed and the size is slightly larger
than that of the sub-grains in Figure 4b. When the annealing temperature increases to 973 K, the grain
size in the alloy significantly grows and grain boundaries become straight and smooth (Figure 4d).

Figure 4. Bright-field (BF) images of Cu-Cr-Zr alloys with 240-min-aged initial states at (a) 723 K,
and 60-min-annealed states at different temperatures of (b) 823 K, (c) 873 K, and (d) 973 K.

Figure 5 shows the BF and corresponding SAED patterns of the precipitates formed during aging.
When aged at 723 K for 30 min, very fine precipitates are observed with a weak contrast. According to
high-magnification near-double beam observation, the precipitated phase entails spherical particles with
a size of about 2 nm, and there is a double leaf petal-like contrast, which suggests that the precipitate
phase is coherent with the matrix, as shown in Figure 5a. Figure 5b shows the structure of the alloy after
aging at 723 K for 240 min. A large number of precipitates are observed, significantly enhancing the
contrast. The size of the precipitates is slightly larger, about 4 nm. A non-contrast line perpendicular
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to the manipulated vector is also observed, indicating that there is a coherent relationship between the
precipitated particles and the matrix. From the SAED of the sample aged for 30 min, a few superlattice
spots can be observed in Figure 4c,d (marked by a triangle arrow). This is probably due to the enrichment
of solute atoms on alternate {011} planes [17]. Therefore, the precipitate is likely to have an ordered lattice
structure. Diffraction spots from the precipitated particles are shown in Figure 4c,d, which indicates
that the discontinuous precipitates are fcc Cr-rich phases with a cube-on-cube OR (designated as β′(I)).
The result is also in accordance with previous studies on Cu-Cr-Zr alloys [17,21–23]. The precipitate
lattice parameter is calculated to be about 0.4180 nm. Figure 5e,f show the corresponding SAED of the
sample aged for 240 min (peak aged). Superlattice reflections are also observed and the results indicate
that the produced precipitates here are also ordered (marked by a triangle arrow). The SAED shows that
these precipitates also have an fcc structure with a lattice constant of 0.4150 nm (designated as β′(II)).
The orientation relationship exhibited here is determined to be: [211]Cu//[011]β′(II), {-111}Cu//{200}β′(II)
and [100]Cu//[111]β′(II), {02-2}Cu//{02-2}β′(II). The above results show that β′(II) has a lattice constant
close to as well as an ordered structure with β′(I). As a result, it can be concluded that β′(II) and β′(I) are
the same crystal structure with different orientation relationships to the matrix. The same precipitates
formed during the aging process show a variety of interphase relationships confirmed in Cu-Ni-Si [28],
Mg-Zn-Al [29], and Al-Mg-Si [30] alloys. Although the fcc precipitates have been reported, the existence of
two orientation relationships for the transition phase β′ is proposed and confirmed in this work for the
first time, for Cu-Cr-Zr alloy after a cold-solution deformation-aging treatment.

Figure 5. Cont.
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Figure 5. BF micrographs and selected area electron diffraction (SAED) patterns of the studied alloy
aged at 723 K for various durations: (a) 30 min and (b) 240 min. SAED patterns were taken from
samples aged for 30 min, from beams along the zone axis of: (c) [110]Cu and (d) [111]Cu; and aged for
240 min, from beams along the zone axis of: (e) [211]Cu and (f) [100]Cu.

Figure 6 shows the BF micrographs of the precipitates of the peak aged samples after annealing
at different temperatures. As shown in Figure 6a, a large number of β′ precipitates still exist in
the alloy. The β′ precipitates at the sub-grain boundary still exhibit a double petal-like contrast,
indicating coherence with the matrix. The β phase, having a larger size, can be clearly observed in
the grain boundary, as shown in Figure 6b. This indicates that during the formation of the crystal
boundary, the transition phase β′ gradually loses coherence and grows into a larger equilibrium
phase β. When the annealing temperature further increases to 873 K, the precipitates all evolve
to coarse β particles, as shown in Figure 6c. The size of the precipitates significantly increases,
and precipitation-free zones form at the grain boundaries, as shown in Figure 6d.

Figure 6. Cont.
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Figure 6. BF micrographs of Cu-Cr-Zr alloys with 60-min-annealed states at different temperatures:
(a,b) 823 K and (c,d) 873 K.

Figure 7 shows the micrographs of twins of the peak aged samples annealed at different
temperatures. The growth of the recrystallized grains is accompanied by the formation of annealing
twins. Figure 7a,b show the BF images of annealing twins annealed at 873 K. The twins formed inside
the grains have two parallel twin boundaries which traverse the whole grain. The width of the twins is
about 30 nm and only a few dislocations are observed inside the twins, as shown in Figure 7a. Besides
the parallel twins, annealing twins are also formed at the grain boundaries of the recrystallized grains,
as shown in Figure 7b. A high dislocation density is observed in these twins, whereas only a few
dislocations were observed around these twins. When the annealing temperature increases to 973 K,
the twins grow significantly and the width can increase up to 200 nm, as shown in Figure 7c. Some
of the twins can grow in an intergranular way, and their growth is hindered when they meet coarse
precipitates, as shown in Figure 7d. The growth of the twins not only forms parallel twins, but some
stepped structures are also observed, as shown in Figure 7e. The SAED result in Figure 7c shows that
the pattern belongs to typical twins in fcc metals [14]. The twin plane is {111} and the direction is
<112>, respectively. The zone axis between the matrix and the twin has a rotational symmetry of 180◦

and can be considered as [101]M//[-10-1]T (M-Matrix, T-Twin), as shown in Figure 7f.

Figure 7. Cont.
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Figure 7. The BF and SAED of the twins of the studied alloy under different annealing temperatures:
(a,b) 873 K and (c–e) 973 K; (f) the SAED of twins for the circular selection region in (c).

4. Discussion

4.1. The Influence of the Precipitation on Strength and Conductivity

TEM investigations of the precipitation reveal the presence of two types of β′ phases with two
crystal orientation relationships. Beyond the β′(I) Cr-rich precipitates formed at the early stages
of aging, which mimic a cube-on-cube OR with the matrix, other fcc-ordered Cr-rich precipitates
(β′(II)) were observed in the peak aged condition. β′(II) is coherent with the matrix, with the
following orientation relationship with the Cu matrix: [111]β′(II)//[100]Cu, {02-2}β′(II)//{02-2}Cu and
[011]β′(II)//[211]Cu, {200}β′(II)//{-111}Cu. [110]Cu and [111]Cu are the best observation axes for the β′(I)
phase, as shown in Figure 5c,d, and [100]Cu and [211]Cu are the best observation axes for the β′(II)
phase, as shown in Figure 5e,f. Attempts [10,25] to identify the composition of precipitates in this alloy
have been only partially successful. Hatakeyama et al. [25] reported that Cr clusters enriched with Zr
were observed at the prime aging stage, and further aging caused clusters to grow into Cr precipitates.
Chbihi et al. [10] found that nano-scaled precipitates contained a large amount of Cu. Following this,
during the coarsening stage, precipitates transformed into bcc and progressively increased their Cr
contents. As a result, based on our experimental results and previous reports, we assume that the
transition phases were mainly composed of Cu and Cr, as well as a small amount of Zr. Moreover,
only β′(I) precipitates formed after the initial aging at 723 K for 30 min. Prolonged aging leads to the
formation of β′(II) precipitates. After the completion of over-aging, only β precipitates were detected
in the matrix. This sequence is similar to that of Al-Mg-Si alloys [30]. Thus, the possible precipitation
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sequence of this alloy can be understood to be as follows: supersaturated solid solution → β′(I) →
β′(II) → β, which is different from Cu-Cr binary alloys, in which the sequence is a supersaturated solid
solution → β [15]. As a result, we can conclude that the trace addition of Zr modified the precipitation
mechanism and enhanced the age-hardening effects of the binary Cu-Cr alloy. Watanabe et al. [31]
proposed that Zr addition probably forms Cu5Zr precipitates, resulting in an increase in strength.
Although some Zr-rich phases have been observed, such as Cu4Zr [16], Cu51Zr14 [24], and Cu5Zr [31],
the formation of Zr-rich precipitates is not likely to be the main cause of the precipitation mechanism
change nor the enhancement of the age-hardening effects in this study, because the reported Zr-rich
precipitates are coarse phases and their content is low. It is also reported that Zr addition can increase
the nucleation rate of Cr-rich precipitates [32]. The nucleation barriers for fcc and bcc Cr-rich clusters
are 3 × 10−22 J and 4 × 10−20 J, respectively [10]. This fcc Cr-rich cluster can easily lose coherence
due to high distortion and low stability, and can rapidly evolve into the equilibrium β phase in
binary alloys. However, in Cu-Cr-Zr alloys, Zr segregates to form the atmosphere of a nucleated
cluster [25], which increases the stability of the Cr-rich clusters and promotes the formation of the
transition phase β′, inhibiting the transformation from β′ to β. However, to the authors’ knowledge,
the causes of this phenomenon remain unclear. The formation of a transition phase with an ordered
structure is commonly observed in many systems where cascades of metastable phases are observed
(e.g., AlMgSi [33–35] and CuNiSi [28,36]). For Al-Mg-Si alloys, whose precipitation sequence during
aging is: α(ssss) → solute clusters →Guinier Preston (GP) zones → β” → β′ → β, the β” transition
phase, which has an ordered structure, shows the best strengthening effect [37].

The strength of the Cu-Cr-Zr alloy approaches its peak and the conductivity reaches a high
and stable value after aging at 723 K for 240 min. A significant improvement in the strength of the
Cu-Cr-Zr alloy is obtained after the aging treatment due to the precipitation, which drains the dissolved
solute atoms from the copper matrix by forming nano-scale precipitates. After aging at 723 K for
240 min, the alloy is still in the recovery stage, and recrystallization does not occur. A large number of
nano-sized coherent β′ phases nucleate in the dislocation zone (Figure 8a) through the interaction with
the dislocations, producing a good strengthening effect and simultaneously pinning the dislocations
and dislocation cells (Figure 8b); this finally results in the enhancement of the alloy’s recrystallization
resistance capability. Zhang et al. [31] reported that the energy of the precipitate/matrix interface was
increased by Zr in the ternary Cu-Cr-Zr alloy and composite, making it more difficult for dislocations
to cut the coherent precipitates. Holzwarth et al. [38] found that the experimental data agrees much
better with the assumption of an Orowan mechanism than with the shearing strengthening model,
especially in the peak-hardened and slightly over-aged state of the Cu-Cr-Zr alloy. Consequently,
the enhancement effect of the dispersed nanoparticles can be expressed by the following Orowan-Ashby
equation in Equation (1) [39]:

τcs
0 =

0.81 · G · b · ln(d/b)
2 · π · √1 − ν · (λ − d)

(1)

where G is the shear modulus of the matrix, b is the modulus of the Burgers vector of the matrix, d is
the average radius of the particles, ν is the Poisson’s ratio, f is the volume fraction of the nano-sized
precipitates, and λ is the spacing between the particles. The latter can be expressed as Equation (2) [36]:

λ = 0.5 · d ·
√

3π

2 f
(2)

The incremental increase of tensile strength caused by the Orowan mechanism can be expressed as:

Δσcsmax = MΔτcsmax (3)

where M is the Taylor factor. Table 1 gives the parameters used in the yield strength determination
where the Orowan bypass mechanism was considered. The tensile strength is increased by 136 MPa,
as calculated by the Orowan mechanism. The tensile strength is increased by 119 MPa after peak
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aging, and the calculation results are in good agreement with the experimental result in this work,
which indicates the strength of the Cu-Cr-Zr alloy after the cold work meets the Orowan mechanism.
The result is also in accordance with previous studies on Cu-Cr-Zr alloys [38].

Figure 8. Bright-field transmission electron microscopy (TEM) micrographs and SAED of the studied alloy
aged at 723 K for 240 min: (a) dislocations and second phase precipitates; and (b) pinned dislocations.

Table 1. The related parameters in the yield strength calculations, data from [36,38,40].

Parameter Description Value Units References

G Shear modulus of copper 45.91 GPa [38]
b Burgers vector of copper 0.2556 nm [40]
ν Poisson’s ratio 0.34 - [36]
M Taylor factor 3.06 - [36]
f Volume fraction 1.09% - This work
R Radius of the particles 4 nm This work

The fundamental reason for the electrical resistivity of a metal is that the lattice produces the
scattering of electrons. The total resistivity of copper alloys is mainly caused by the intrinsic resistivity
pure copper, solid solute atoms, and precipitated crystal defects (grain boundaries, dislocations, etc.)
according to the theory of conductivity. Different types of crystal defects have different effects on
the resistivity, from large to small, followed by solid solute atoms, phase precipitates, vacancies,
dislocations, and other defects. After the aging treatment, a large number of solute atoms precipitate
from the supersaturated solid solution, resulting in a significant decrease in the electron scattering
effect. The size of the β′ phases are in the range of 2–5 nm, whereas the mean free path of electrons
of pure copper is about 42 nm; the effect of precipitation on the conductivity of the alloy is therefore
very small. In addition, a large number of tangled dislocations in the cold deformation state evolve
into dislocation cells, sub-grains, and other sub-structures during the aging process, resulting in
a significant reduction in the dislocation density of the dislocation cells and sub-grains (Figure 4b).
As a result, one can conclude that the aging treatment can greatly increase the conductivity of the
cold-worked Cur-Cr-Zr alloy, as shown in Figure 1b.

4.2. The Effect of the Precipitation and Recrystallization Mechanisms on Recrystallization Resistance

The recrystallization resistance of Cu-Cr-Zr alloys is highly related to the precipitate evolution
and growth of precipitates. A huge number of finely distributed β′ particles can pin the dislocations
as well as hinder the grain boundary migration, thereby suppressing the nucleation and growth of
the recrystallized grains. When annealed at 823 K, the precipitates at the frontier of sub-grains start
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to coarsen and lose their coherence to transfer to the equilibrium phase β, leading to the coarsening
as well as to the reduction of the number density of precipitates, as shown in Figure 6a,b. Due to
the significant difference in the size of the secondary phases, a concentration gradient of the solute
atoms exists among the secondary phases. The solute atom concentration around the fine secondary
particles is higher than that of the coarse ones, which will cause the solute atoms around the fine
secondary phases to migrate to the coarse ones, and which results in the re-dissolution of the fine
secondary particles as well as in the growth of the coarse particles. During the process of secondary
particle growth and number density reduction, the precipitates at the sub-grain boundary preferentially
coarsen and lose their coherence (Figure 6b), which greatly reduces the grain boundary pinning effect.
Recrystallization nucleation begins in the Cu-Zr-Cr alloy, and the hardness decreases. When annealed
at 873 K, the β′ phase is fully replaced by β, and the density of the precipitates further decreases,
as shown in Figure 6c,d; this, in turn, further reduces the capacity for the recrystallization process to
be hindered.

Shear zones which have a certain angle with respect to the roll direction are formed after the
Cu-Cr-Zr alloy is severely deformed via cold rolling. The shear deformation zones have a higher
dislocation density than other regions, and the nucleation and growth of recrystallization occur more
easily in the shear deformation region, as shown in Figures 3 and 4. The annealing temperature is
a critical external factor for recrystallization, and the difference in the microstructure of different
regions is a critical internal factor for inducing a difference in recrystallization behavior. Because of
the lower deformation energy in the uniform deformation zones, more energy is required for the
nucleation of recrystallization and, as a result, a higher temperature is needed for recrystallization.
Unlike uniform deformation zones, higher dislocation densities and deformation are present in the
shear deformation zone due to the severe shear deformation. Dislocation cell structures in the shear
deformation zone rapidly form the new sub-grains during annealing, and recrystallization first occurs
in the shear deformation zones, as shown in Figure 3c.

The growth of the recrystallized grains is accompanied by the formation and growth of annealing
twins (marked by a triangle arrow in Figure 7a). It is shown that the growth of the recrystallized
grains is restricted by the adjacent grains (Figure 7a). To release the internal deformation energy, twins
with parallel interfaces form via the shear mode in order to lower the driving force for recrystallized
grains to grow, as shown in Figure 7a. When multiple grains come together, dislocation storage zones
are produced by the twins in the intersection of the grain boundary in order to lower the driving
force for interface migration and hinder grain combination and growth, as shown in Figure 7b. Thus,
the formation of twins can inhibit recrystallization, therefore enhancing the recrystallization resistance
of the alloy. Theoretically, without the pinning of the secondary particles, the growth of twins can be
infinite in the longitudinal direction. The secondary particles can block the growth of the twins and
eventually hinder the recrystallized grains from growing. Due to the formation of twins, as shown in
Figure 9a, the recrystallized grain size is uniform and the misorientation of the grains is about 60◦,
as shown in Figure 9b. This structure is a relatively stable state and reduces the hardness lost after
full recrystallization.
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Figure 9. Typical electron backscattered diffraction (EBSD) substructures of recrystallization zone in
a Cu-Cr-Zr alloy annealed at 823 K: (a) EBSD orientation imaging map; and (b) the distribution of grain
boundary misorientation angles.

5. Conclusions

In this work, precipitation, recrystallization, and the evolution of twins during the heat treatment
process in a Cu-Cr-Zr were studied by mechanical testing and microstructure observations. The main
results are as follows:

1. A Cu-Cr-Zr alloy with a good combination of strength and conductivity can be obtained. The peak
aged condition, with a tensile strength of 536 MPa and electron conductivity of 85.3% IACS, can
be achieved after the alloy undergoes a solid solution treatment at 1253 K, before being cold-rolled
with a reduction ratio of 70% and aged at 723 K for 240 min. The increasing strength and the
conductivity are mainly related to the formation of the transition phase β′. A new type of fcc
Cr-rich precipitate β′(II) is observed in the peak aged condition, which has an ordered structure
and is coherent with the matrix, with the following OR: [011]β′(II)//[211]Cu, {200}β′(II)//{-111}Cu

and [111]β′(II)//[100]Cu, {02-2}β′(II)//{02-2}Cu.

2. The Cu-Cr-Zr alloy has a good recrystallization resistance. The dispersed distribution of the
β′ phase shows a good thermal stability during annealing, and can pin the dislocations and
grain boundaries to hinder their migration, inhibiting recrystallization and thus enhancing the
recrystallization resistance. When the β′ particles are replaced by the coarsened β particles,
and when there is a reduction in the density of precipitates, the pinning effect on the dislocations
and grain boundaries becomes weak, and recrystallization starts to occur in the Cu-Cr-Zr alloy.

3. Recrystallization nucleation and growth first occurs in the shear deformation zone due to its
high deformation energy during the recrystallization process. The growth of the recrystallized
grains, as well as the decrease in hardness during annealing, is hindered by the formation of
annealing twins due to the release of deformation energy and the reduction of the driving force
for interface migration.
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Abstract: The deformation behavior of 18%Mn TWIP steels (upon tensile tests) subjected to
warm-to-hot rolling was analyzed in terms of Ludwigson-type relationship, i.e., σ = K1·εn1 +
exp(K2 − n2·ε). Parameters of Ki and ni depend on material and processing conditions and can
be expressed by unique functions of inverse temperature. A decrease in the rolling temperature
from 1373 K to 773 K results in a decrease in K1 concurrently with n1. Correspondingly, true stress
approached a level of about 1750 MPa during tensile tests, irrespective of the previous warm-to-hot
rolling conditions. On the other hand, an increase in both K2 and n2 with a decrease in the rolling
temperature corresponds to an almost threefold increase in the yield strength and threefold shortening
of the stage of transient plastic flow, which governs the duration of strain hardening and, therefore,
manages plasticity. The change in deformation behavior with variation in the rolling temperature is
associated with the effect of the processing conditions on the dislocation substructure, which, in turn,
depends on the development of dynamic recovery and recrystallization during warm-to-hot rolling.

Keywords: high-Mn steel; deformation twinning; dynamic recrystallization; grain refinement;
work hardening

1. Introduction

High-manganese austenitic steels with low stacking fault energy (SFE) are currently considered
as promising materials for various structural/engineering applications because of their outstanding
mechanical properties [1–3]. Owing to their low SFE, these steels are highly susceptible to deformation
twinning, which results in the twinning-induced plasticity (TWIP) effect. Austenitic TWIP steels are
characterized by pronounced strain hardening, which retards the strain localization and cracking
during plastic deformation and, therefore, provides a beneficial combination of high strength with
high ductility [1]. Deformation twinning, therefore, is the most crucial deformation mechanism
governing the mechanical properties of high-Mn TWIP austenitic steels [4]. The deformation twins
appear as bundles of closely spaced twins with thickness of tens nanometers, crossing over the
original grains [5,6]. The deformation twins prevent the dislocation motion and promote an increase
in dislocation density, leading to strain hardening. Frequent deformation twinning develops in steels
with SFE in the range of approx. 20 mJ/m2 to 50 mJ/m2, which can be adjusted by manganese and
carbon content [4].

The exact values of mechanical properties of austenitic steels, e.g., yield strength, ultimate tensile
strength, total elongation, etc., depends on processing conditions. Hot rolling is frequently used
as a processing technology for various structural steels and alloys. Final mechanical properties
of processed steels and alloys depend on their microstructures that develop during hot working.
Metallic materials with low SFE like high-Mn austenitic steels experience discontinuous dynamic
recrystallization (DRX) during hot plastic deformation [7]. The developed microstructures depend
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on the deformation temperature and/or strain rate. Namely, the DRX grain size decreases with
a decrease in temperature and/or an increase in strain rate and can be expressed by a power law
function of temperature compensated strain rate (Z) [8]. A decrease in the deformation temperature
to warm deformation conditions results in a change in the DRX mechanism from discontinuous to
continuous, leading to a decrease in the grain size exponent in the relationship between the grain
size and the deformation conditions, although this relationship remains qualitatively the same as
that for hot working conditions [9]. The grain refinement with an increase in Z is accompanied with
an increase in the dislocation density in DRX microstructures, irrespective of the DRX mechanisms [10].
Thus, the yield strength of the warm to hot worked semi-products can be evaluated by using various
structural parameters. This approach has been successfully applied for strength evaluation of a range
of structural steels and alloys, including high-Mn TWIP steels subjected to various thermo-mechanical
treatments [5,6,10–12]. On the other hand, the effect of processing conditions on the deformation
behavior of high-Mn TWIP steels has not been qualitatively evaluated, although, particularly for
these steels, the deformation behavior is one of the most important properties, which manages the
practical applications of the steels. It should be noted that the stress-strain behavior of austenitic steels
with low SFE cannot be described by any well elaborated models like Hollomon or Swift equations,
especially, at relatively small strains because of exceptional strain hardening [13]. Ludwigson modified
the Hollomon-type relationship with an additional term to compensate the large difference between
experimental and predicted flow stresses at small strains for such metals and alloys [14]. In spite of
certain achievements in the application of the Ludwigson-type equation for the stress-strain behavior
prediction, the selection of suitable parameters in this equation is still arbitrary in many ways. The aim
of the present study, therefore, is to obtain the relationships between the processing conditions,
the developed microstructures, and the stress-strain equation parameters in order to predict the tensile
deformation behavior of advanced high-Mn TWIP steels processed by warm-to-hot rolling.

2. Materials and Methods

Two steels, Fe-18%Mn-0.4%C and Fe-18%Mn-0.6%C, have been selected in the present study as
typical representatives of high-Mn TWIP steels. The steel melts were annealed at 1423 K, followed
by hot rolling with about 60% reduction. The steels were characterized by uniform microstructures
consisting of equiaxed grains with average sizes of 60 μm (18Mn-0.4C) and 50 μm (18Mn-0.6C).
The steels were subjected to plate rolling at various temperatures from 773 K to 1373 K to a total rolling
reduction of 60%. After each 10% rolling reductions, the samples were re-heated to the designated
rolling temperature. Structural investigations were carried out using a Quanta 600 scanning electron
microscope (SEM), equipped with an electron backscattering diffraction (EBSD) analyzer incorporating
orientation imaging microscopy (OIM). The SEM samples were electro-polished at a voltage of 20 V at
room temperature using an electrolyte containing 10% perchloric acid and 90% acetic acid. The OIM
images were subjected to a clean-up procedure, setting the minimal confidence index of 0.1. The tensile
tests were carried out using Instron 5882 testing machine with tensile specimens with a gauge length
of 12 mm and a cross section of 3 × 1.5 mm2 at an initial strain rate of 10−3 s−1. The tensile axis was
parallel to the rolling axis.

3. Results and Discussion

3.1. Developed Microstructures

Typical deformation microstructures that develop in the high-Mn steels during warm to hot
rolling are shown in Figure 1. The mechanisms of microstructure evolution operating in austenitic
steels during warm to hot working and the developed microstructures have been considered in
detail in previous studies [10]. The deformation microstructures in the present high-Mn steels
subjected to warm to hot rolling at temperatures of 773–1323 K can be briefly characterized here
as follows. The temperature range above 1073 K corresponds to hot deformation conditions. Therefore,
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the deformation microstructures evolved during deformation in this temperature range result from the
development of discontinuous DRX. The uniform microstructures consisting of almost equiaxed grains
with numerous annealing twins are clearly seen in the samples hot rolled at temperatures above 1073 K
(Figure 1a,b). The transverse DRX grain size decreases from 50–80 μm to 5–10 μm with a decrease in
the rolling temperature from 1323 K to 1073 K.

In contrast, DRX hardly develops during warm rolling at temperatures below 1073 K.
The deformation microstructures composed of flattened original grains evolve during warm rolling
(Figure 1c,d). It is worth noting that the transverse grain size in the deformation microstructures
developed during warm rolling does not remarkably depend on the rolling temperature. Relatively
low deformation temperature suppresses discontinuous DRX. In this case, the structural changes
are controlled by dynamic recovery. Under conditions of warm working, continuous DRX, which is
assisted by dynamic recovery, can be expected after sufficiently large strains [7]. The present steels,
however, are characterized by low SFE of 20–30 mJ/m2 [4]. Such a low SFE makes the dislocation
rearrangements during plastic deformation difficult and slows down the recovery kinetics. Therefore,
60% rolling reduction as applied in the present study is not enough for continuous DRX development
in high-Mn steels. The final grain size, therefore, seems to be dependent on the original grain size and
the total rolling reduction.

  
(a) (b) 

  
(c) (d) 

Figure 1. Typical OIM (orientation imaging microscopy) micrographs for deformation microstructures
evolved in the Fe-18%Mn-0.4%C steel during hot-to-warm rolling at 1273 K (a), 1173 K (b),
1073 K (c) and 973 K (d). Colored orientations are shown for the transverse direction (TD).
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3.2. Mechanical Properties

The stress-elongation curves obtained by tensile tests of the high-Mn steels processed by
warm-to-hot rolling at different temperatures in the range of 773–1373 K are shown in Figure 2.
A decrease in the rolling temperature results commonly in an increase in the strength and a decrease in
the plasticity. The effect of the rolling temperature on the tensile tests properties is more pronounced
for the warm working domain, i.e., rolling at temperatures below 1073 K, than that for hot working
conditions, i.e., rolling at temperatures above 1073 K. A decrease in the temperature from 1373 K to
1073 K results in an increase in the yield strength (σ0.2) by about 130 MPa while the ultimate tensile
strength (UTS) does not change remarkably. In contrast, further decrease in the rolling temperature
from 1073 K to 773 K leads to almost twofold increase in σ0.2, which approaches about 900 MPa,
and increases UTS by about 200 MPa. Correspondingly, the strengthening by warm to hot rolling is
accompanied by a degradation of plasticity. It is interesting to note that total elongation gradually
decreases with a decrease in the rolling temperature for Fe-18%Mn-0.6%C steel, where as that in
Fe-18%Mn-0.4%C steel exhibits a kind of bimodal temperature dependence. The total elongation in
the Fe-18%Mn-0.4%C steel tends to saturate at a level of 60–65% as the rolling temperature increases
above 1073 K, following a rapid increase from 30% to 55% with an increase in the rolling temperature
from 773 K to 1073 K.

 
(a) 

 
(b) 

Figure 2. Engineering stress vs elongation curves of the Fe-18%Mn-0.6%C (a) and Fe-18%Mn-0.4%C
(b) steels subjected to rolling at the indicated temperatures.

An apparent saturation for the total elongation of the Fe-18%Mn-0.4%C steel with an increase in
the rolling temperature above 1073 K can be associated with a variation in the deformation mechanisms
operating during tensile tests. The steel with lower carbon content has somewhat lower SFE [4] and,
thus, may involve the strain-induced martensite upon tensile tests at room temperature. This difference
in deformation mechanisms has been considered as a reason for the difference in plasticity [10].
The Fe-18%Mn-0.4%C steel subjected to hot rolling at temperatures above 1073 K exhibits the maximal
plasticity, which can be obtained in the case of partial ε-martensitic transformation, whereas the
Fe-18%Mn-0.6%C steel demonstrates increasing plasticity, which is improved by deformation twinning,
with an increase in the rolling temperature. On the other hand, the strength properties, which depend
on the grain size and dislocation density, are certainly affected by the rolling temperature, even in the
range of hot working.
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The Fe-18%Mn-0.6%C steel exhibits higher strength and elongation than the Fe-18%Mn-0.4%C
steel after rolling warm to hot rolling in the studied temperature range. This additional strengthening
of the Fe-18%Mn-0.6%C steel can be attributed to the difference in carbon content, which has been
considered as the contributor to the yield strength of high-Mn TWIP steels [15]. The difference in
0.2 wt % carbon should result in about 85 MPa difference in the yield strength [15].

3.3. Tensile Behavior

Generally, the strength and plasticity during tensile tests depends on strain hardening,
which, in turn, depends on the operating deformation mechanisms [1]. The plastic deformation
of austenitic steels with low SFE at an ambient temperature is commonly expressed by the Ludwigson
relation [14]:

σ = K1·εn1 + exp(K2 − n2·ε), (1)

where the first term with the strength factor of K1 and strain hardening exponent n1 represents
Hollomon equation and the second term has been introduced by Ludwigson to incorporate the
transient deformation stage, which differentiates the deformation behavior of fcc-metals/alloys with
low-to medium SFE from other materials at relatively small strains. The stress of σ = exp(K2) is close
to the stress of plastic deformation onset and an inverse value of n2 corresponds to the transient
stage duration.

The parameters of K1, K2, n1, n2 providing the best correspondence between Equation (1) and
experimental stress-strain curves are listed in Table 1. Note here, similar values for parameters
of Ludwigson relation have been reported in other studies on low SFE austenitic steels [14,16–18].
The larger values of K2 and K1 for the present 0.6%C steel as compared to those for the 0.4%C
steel reflect the higher stress levels of the former at early deformations and at large tensile strains,
respectively. On the other hand, the n1 values for both steels are close, suggesting similar strain
hardening at large tensile strains, irrespective of some differences in the carbon content and SFE.
The n2 values are also close for both steels, indicating the same effect of the rolling temperature on the
transient deformation stage during subsequent tensile tests.

Table 1. Parameters of the Ludwigson equation for the Fe-18%Mn-0.4%C and Fe-18%Mn-0.6%C steels
processed by warm-to-hot rolling.

Steel Rolling Temperature (K) K1 (MPa) n1 K2 n2

Fe-18%Mn-0.4%C 773 2248 0.24 6.0 37.8
Fe-18%Mn-0.4%C 873 2260 0.35 6.2 30.8
Fe-18%Mn-0.4%C 973 2342 0.46 6.0 20.3
Fe-18%Mn-0.4%C 1073 2410 0.48 5.8 25.2
Fe-18%Mn-0.4%C 1173 2556 0.58 5.7 12.8
Fe-18%Mn-0.4%C 1273 2575 0.63 5.5 11.4
Fe-18%Mn-0.4%C 1373 2598 0.67 5.5 12.3
Fe-18%Mn-0.6%C 773 2368 0.25 6.2 33.5
Fe-18%Mn-0.6%C 873 2410 0.38 6.3 24.5
Fe-18%Mn-0.6%C 973 2554 0.49 6.2 20.7
Fe-18%Mn-0.6%C 1073 2600 0.55 6.1 20.7
Fe-18%Mn-0.6%C 1173 2608 0.64 5.9 17.5
Fe-18%Mn-0.6%C 1273 2608 0.68 5.9 16.0
Fe-18%Mn-0.6%C 1373 2617 0.73 5.8 12.5

The monotonous changes of obtained parameters with rolling temperature suggest unique
relationships between all parameters and deformation conditions. The effects of processing
temperature on the parameters of Equation (1) are represented in Figure 3. Except for K1, all parameters
can be expressed by unique linear functions of the inverse rolling temperatures (Figure 3). The bimodal
temperature dependencies obtained for K1 with inflection points at 1073 K in Figure 3 are associated
with the transition from warm to hot rolling conditions at this temperature, which reflects clearly on
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the deformation microstructures (see Figure 1). Using the indicated (Figure 3) linear relationships
between the parameters of Ludwigson relation and the inverse rolling temperatures, the true stress vs
strain curves calculated by Equation (1) are shown in Figure 4, along with the experimental curves
obtained by tensile tests. Figure 4a,c show a general view of the stress-strain curves to validate the
first term of Equation (1), whereas Figure 4b,d are plotted in double logarithmic scale to display
the deformation behaviors at relatively small strains, which are described by the second term of
Equation (1). The clear correspondence between the calculated and experimental plots testifies to the
proposed treatments above.

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 3. Effect of the rolling temperatures on the parameters of Ludwigson equation, K1 (a), n1 (b), K2

(c), and n2 (d).

The tensile deformation behavior of the steel samples should indeed be closely related to the steel
microstructures, which were evolved by previous thermo-mechanical treatment. In turn, the developed
microstructures depend on the processing conditions, i.e., rolling temperature, as the main processing
variable in the present study. Generally, the deformation microstructures including the mean grain
size and dislocation density that develop in metallic materials during warm-to-hot working can
be expressed by power law functions of Zener-Hollomon parameter (temperature-compensated
strain rate); Z = ε·exp(Q/RT), where Q and R are the activation energy and universal gas constant,
respectively [7,12]. Such microstructural changes are associated with thermally activated mechanisms
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of microstructure evolution in metallic materials. Therefore, the unique linear relationships in Figure 3
between the parameters of the flow stress predicting equation and the inverse rolling temperature
suggest exponential relationships between the flow stress and the microstructures developed by
warm-to-hot rolling. The second (exponential) term in Equation (1) predicts the flow stresses at
relatively small strains (transient deformation), when the deformation behavior is associated with
the dislocation ability to planar glide [14]. Thus, the stress-strain relationship of the high-Mn
TWIP steels depends on their microstructures, namely, dislocation densities, evolved by previous
thermo-mechanical treatments. Similar conclusions about a dominant role of dislocation density in the
yield strength [10] and the work-hardening rate [19] were drawn in other studies on TWIP steels.

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 4. True tensile stress vs strain plots for Fe-18%Mn-0.4%C steel (a,b) and Fe-18%Mn-0.6%C steel
(c,d) subjected to warm-to-hot rolling at indicated temperatures. The stress-strain curves obtained by
tensile tests are shown by thick gray-scaled lines and those calculated by Equation (1) are shown by
dashed lines.

It is worth noting in Figure 4 that maximal true stresses during tensile tests comprise about
1750 MPa for all steel samples, irrespective of the previous rolling conditions. Such gradual change
in the altitude and slope of the true stress-strain curves can be represented by a gradual decrease
in K1 concurrently with n1. An apparent saturation for the true stresses can be attributed to the
strain-hardening ability owing to dislocation accumulation.
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The strain, at which the transient deformation stage decays (εL) can be evaluated from the
following relation [14]:

exp(K2 − n2·εL)/(K1εL
n1) = r, (2)

setting an arbitrary small value for r. According to the original Ludwigson treatment [14], r = 0.02
is selected in the present study. The values of εL calculated by Equation (2) for the present steels
subjected to warm-to-hot rolling are shown in Figure 5 as functions of the rolling temperature. Formally,
this strain (εL) limiting the transient deformation duration can be considered as a critical point below
which, the plastic flow cannot be adequately described by Hollomon-type relation, i.e., the first term in
Equation (1). The flow stresses during the transient deformation can be calculated taking into account
the second term in Equation (1). The strain of εL can be roughly related to a strain when cross slip and
dislocation rearrangements, which are closely connected with dynamic recovery, impair the strain
hardening [14]. Therefore, an increase in εL should promote plasticity, including both uniform and
total elongations.

It is clearly seen in Figure 5 that εL increases from about 0.08 to 0.24 with an increase in the
rolling temperature from 773 K to 1373 K; this suggests an improvement in plasticity with increase in
rolling temperature. A decrease in SFE promotes planar slip and, thus, should increase εL. Indeed,
the 0.4%C steel is characterized by a larger εL than the 0.6%C steel after hot rolling at temperatures
above 1300 K (Figure 5), although the hot rolled steel with higher carbon content exhibits larger
total elongation. This relatively low plasticity of the Fe-18%Mn-0.4%C steel is associated with
an ε-martensitic transformation [10]. Commonly, transformation-induced plasticity (TRIP) steels
demonstrate lower plasticity than TWIP steels [20,21]. After rolling at temperatures below 1300 K,
the values of εL for the Fe-18%Mn-0.4%C steel are smaller than those for the Fe-18%Mn-0.6%C steel
processed under the same conditions (Figure 5). This can be attributed to the effect of warm-to-hot
rolling at the evolved dislocation density. The latter has been shown to increase as rolling temperature
decreases [10]. Therefore, the transient deformation stage upon the tensile tests is shortened because of
the previous plastic deformation during warm-to-hot rolling, which partially consumed the dislocation
ability to planar glide.

 

Figure 5. Effect of the rolling temperature on the strain for transient deformation during tensile tests of
the Fe-18%Mn-0.4%C and Fe-18%-0.6%C steels.
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4. Conclusions

The deformation behavior during tensile tests of Fe-18%Mn-0.4%C and Fe-18%-0.6%C steels
subjected to warm to hot rolling was studied. The main results can be summarized as follows.

1. The hot rolling at temperatures above 1073 K was accompanied by the development of
discontinuous dynamic recrystallization, leading to a decrease in the transverse grain size with
a decrease in the rolling temperature. On the other hand, microstructure evolution during
warm rolling at temperatures below 1073 K was controlled by the rate of dynamic recovery,
which slowed down with a decrease in the rolling temperature.

2. The true stress-strain curves obtained by tensile tests at ambient temperature can be
correctly represented by the Ludwigson-type relationship—σ = K1·εn1 + exp(K2 − n2·ε)—
where parameters of Ki and ni depended on material and processing conditions and can be
expressed by unique functions of inverse temperature of previous warm-to-hot rolling. A decrease
in the rolling temperature from 1373 K to 773 K resulted in a decrease in K1 (from approx.
2600 MPa to 2300 MPa) concurrently with n1 (from approx. 0.7 to 0.25). Correspondingly, the true
stress approached a level of about 1750 MPa during tensile tests, irrespective of the previous
warm-to-hot rolling conditions. On the other hand, an increase in both K2 and n2 with decrease
in the rolling temperature corresponded to an almost threefold increase in the yield strength and
analogous degradation of plasticity.

3. The stage of transient plastic flow providing initial strain hardening and, therefore, controlling
the total plasticity increases from about 0.08 to 0.24 with an increase in the rolling temperature
from 773 K to 1373 K. The Fe-18%Mn-0.4%C steel is characterized by smaller values of εL than
the Fe-18%Mn-0.6%C steel subjected to warm-to-hot rolling at the same temperatures below
1300 K, although the former should possess lower stacking fault energy. The shortening of the
transient deformation stage upon tensile tests of the steels subjected to warm-to-hot rolling
can be attributed to previous deformation, which partially consumed the dislocation ability to
planar glide.
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Abstract: The effects of Si and Zr on the microstructure, microhardness and electrical conductivity of
Al-Fe-Si-Zr alloys were studied. An increase in the Zr content over 0.3 wt. % leads to the formation of
primary Al3Zr inclusions and also decreases mechanical properties. Therefore, the Zr content should
not be more than 0.3 wt. %, although the smaller content is insufficient for the strengthening by the
secondary Al3Zr precipitates. The present results indicate that high content of Si significantly affects
the hardness and electrical conductivity of the investigated alloys. However, the absence of Si led
to the formation of harmful needle-shaped Al3Fe particles in the microstructure of the investigated
alloys after annealing. Therefore, the optimum amount of Si was 0.25–0.50 wt. % due to the formation
of the Al8Fe2Si phase with the preferable platelet morphology. The maximum microhardness and
strengthening effects in Al-1% Fe-0.25% Si-0.3% Zr were observed after annealing at 400–450 ◦C due
to the formation of nanosized coherent Al3Zr (L12) dispersoids. The effect of the increasing of the
electrical conductivity can be explained by the decomposition of the solid solution. Thus, Al-1%
Fe-0.25% Si-0.3% Zr alloy annealed at 450 ◦C has been studied in detail as the most attractive with
respect to the special focus on transmission line applications.

Keywords: aluminum alloys; Al-Fe-Si-Zr system; microstructure; hardness; electrical conductivity

1. Introduction

Al-Fe-Si alloys belonging to the 1XXX series are commonly used in a wide range of different
applications including electrical conductors [1]. The fruitful combination of the light weight and
reasonable electrical conductivity makes these alloys preferable for the production of wires for
overhead power transmission lines compared with Cu [2]. The high electrical conductivity of
these alloys approaching the theoretical limit for Al of 62% IACS (The International Annealed
Copper Standard defines 17.241 nm as 100%) is attributed to the very low solubility of Si and Fe
in aluminum. The tensile properties of these alloys are low. At present, there is a strong requirement
for increased strength and thermal stability of Al alloys used for transmission lines. These alloys
have to withstand a high operating temperature of ~150◦. Such a transition metal as Zr is used to
improve the strength at room temperature and to provide the retention of the structure and tensile
properties at elevated temperatures due to the formation of Al3Zr dispersoids during homogenizing
treatment [2]. Zr is one of the most promising additives for developing castable, precipitation-hardened
alloys with good coarsening and creep resistance and usually used as a recrystallization inhibitor
and grain refiner in commercial Al alloys. In addition, the solubility of this alloying element in Al
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is negligible, and therefore, Al-Zr alloys may exhibit high strength, thermal stability and electrical
conductivity, concurrently.

A detailed description of the ternary Al-Fe-Si phase diagram can be found in [3]. It is possible to
expect the formation of such equilibrium intermetallics as Al13Fe4 (θ phase), Al3Fe phase, α-AlFeSi
and β-AlFeSi via peritectic (θ and α-AlFeSi) or eutectic (β-AlFeSi) reactions in the aluminum corner of
the equilibrium Al-Fe-Si phase. It is know that needle-shaped Al3Fe particles dramatically decrease
the technological ductility of aluminum alloys [3]. The content of Si is added to prevent suppression
of Al3Fe particles formation and to provide the α-AlFeSi (Al8Fe2Si) and β-AlFeSi (Al5FeSi) phases’
precipitation into these alloys [3]. However, there is very limited information in the literature on the
effectiveness of the influence of Si and Zr on the structure and properties in these alloys. β-AlFeSi is
the most harmful phase decreasing the mechanical properties of Al alloys as described in [4]. There
are three major types of β-AlFeSi intermetallics with orthorhombic, tetragonal and monoclinic crystal
structures. As described in [5], such elements as Mn, Co, Sr or reduction of the solidification rate are
widely used to form the α-AlFeSi preferred phase.

Al3Zr may exist in three main forms: the stable, tetragonal (D023) modification, the metastable
cubic (L12) modification and in the primary form. Increased Zr content or casting defects can lead to
the formation of the primary Al3Zr inclusions. However, a significant precipitation hardening can
be provided by a very small addition of Zr. This can be explained by the precipitation of metastable
Al3Zr particles during post-solidification heat treatment. The metastable Al3Zr phase has the same
structure as the Al matrix. The coherence of the metastable Al3Zr particles with the aluminum matrix
leads to better thermal stability and an appreciable precipitation hardening effect. The L12 structure of
the metastable Al3Zr particles transforms into the complex tetragonal D023 stable form after annealing
at temperatures up to 500 ◦C [6,7]. Stable Al3Zr precipitates are semi-coherent with the Al matrix.
The growth of the metastable Al3Zr precipitates and the loss of their coherence reduce the hardening
effect. Features of the microstructure and mechanical properties of aluminum alloys with the addition
of Si, Fe and various contents of Zr are described by Belov et al. [2,8–10].

At present, the implementation of the inert anode technique for the production of primary Al
requires the development of a new class of Al-Fe-Si-Zr alloys, which have to combine the low cost of
Al-Fe-Si alloys with the high strength and sufficient thermal stability of Al-Zr alloys. The key aim of
the present study is to optimize the alloying content and the heat treatment to produce an aluminum
alloy belonging to the Al-Fe-Si-Zr system with high electrical conductivity and high performance
properties. The concurrent influence of Si and Zr on the microstructure, electrical conductivity and
microhardness of several Al-Fe-Si-Zr alloys has been investigated. The effect of casting conditions and
multistage annealing on these properties was also examined taking into account the feasibility to use
these alloys for high-volume production of wires for transmission lines.

2. Materials and Methods

Experimental alloys of the Al-Fe-Si-Zr system (Table 1) were prepared in an electric furnace LAC
PT 90/13 (LAC, s.r.o., Rajhrad, Czexh Republic) in graphite-chamotte crucibles using 99.99% pure
Al and master alloys containing 0.15 wt. %, 0.3 wt. %, 0.45 wt. % and 0.6 wt. % Zr and 0.25 wt. %,
0.5 wt. %, 0.75 wt. % and 1 wt. % Si, respectively. The casting temperature for all alloys is marked in
green, and the calculated liquidus temperature (Thermo-Calc software AB, TTAL5 database, Version
5.0.4.75, Thermo-Calc Software, Stockholm, Swedeny, 2010) is marked in red in Figure 1, respectively.
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Figure 1. Quadrilateral scheme of Al-1Fe-Si-Zr.

The cast samples were annealed during 3 h in an electric furnace at a temperature ranging from
200 ◦C to 600 ◦C using stepped modes as given in Table 1.

Table 1. Annealing regimes of Al-Fe-Si-Zr alloys.

Designation S200 S250 S300 S350 S400 S450 S500 S550 S600

Annealing
regime 200 ◦C S200 +

250 ◦C
S250 +
300 ◦C

S300 +
350 ◦C

S350 +
400 ◦C

S400 +
450 ◦C

S450 +
500 ◦C

S500 +
550 ◦C

S550 +
600 ◦C

The microstructures of the as-cast and homogenized samples were examined using an Axio
Observer MAT and TESCAN VEGA 3 and Quanta 200 scanning electron microscopes (SEM)
(FEI, Hillsboro, OR, USA). For microstructure examination, the samples were polished in a perchloric
acid-ethanol electrolyte (6 C2H5OH/1 HClO4/1 glycerol) and additionally oxidized in a 5% water
solution of HBF4 at constant voltage of 20 V to reveal the grain structure. Foils for transmission electron
microscopy were electrolytically thinned in a perchloric acid-ethanol solution and examined using a
JEOL JEM-2100 transmission electron microscope (TEM) (JEOL Ltd., Tokyo, Japan) with a double-tilt
stage at 200 KV.

The electrical conductivity was measured by the method of eddy currents using a Constanta K6
device (Constanta, Sankt Peterburg, Russia). The measurements of the Vickers microhardness were
performed at room temperature on metallographically-polished sections using 50-N loads and a dwell
time of 15 s.

3. Results

Typical microstructures that evolved in the Al-Fe-Si-Zr alloys with different contents of Si ranging
from 0 wt. % to 1 wt. % are shown in Figure 2. A eutectic included supersaturated aluminum matrix
(Al) and the Al6Fe-phase have been observed along the boundaries of dendritic cells in the considered
alloys with the absence of Si (Figure 2a); while (Al) + Al8Fe2Si eutectic in the investigated Al alloys
with 0.25–1 wt. % Si was associated with an increase in Si content, as shown in Figure 2b–d. In the
Al-1% Fe-1% Si-0.3% Zr is observed the precipitating of particles (see Figure 3d), which Belov et al. [11]
defined as a Si-rich inclusion. Such a precipitate decreases the electrical conductivity in aluminum
alloys [12].
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Figure 2. Microstructure of as-cast alloys with different contents of Si: (a) Al-1% Fe-0.3% Zr; (b) Al-1%
Fe-0.25% Si-0.3% Zr; (c) Al-1% Fe-0.5% Si-0.3% Zr; (d) Al-1% Fe-1% Si-0.3% Zr.

3.1. Scanning Electron Microscope

Figure 3 shows the SEM of the as-cast microstructure of Al-Fe-Si-Zr alloys with different content
of Zr and fixed content of Fe 1 wt. % and Si 0.5 wt. %. The observed microstructure consists of
α-Al dendrites (matrix) and different Fe-Si-rich intermetallic phases distributed along the aluminum
dendrite. The microstructures of the described as-cast alloys Al-1%Fe-0.5%Si with Zr content from
0 wt. % to 0.3 wt. % were nearly the same and consist of the solid solution of aluminum (Al) and
a eutectic (Al) + Al8Fe2Si along the boundaries of dendritic cells (Figure 3a–c). Lack of the primary
crystals of Al3Zr clearly shows full incorporation of Zr into the solid solution and the optimum rate of
crystallization for chemical composition. The primary Al3Zr crystals with a cross-shaped morphology
were found in the microstructure of the investigated alloys with 0.45–0.6 wt. % of Zr (Figure 3d).

 

Figure 3. Microstructure of as-cast alloys with different contents of Zr: (a) Al-1%Fe-0.5%Si; (b) Al-1%
Fe-0.5% Si-0.15% Zr; (c) Al-1% Fe-0.5% Si-0.3%Z r; (d) Al-1% Fe-0.5% Si-0.6% Zr.
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The annealing process is a key factor that determines the objectives to produce Al alloys containing
up to 0.6 wt. % Zr. Figure 4a shows that the metastable phase Al6Fe is transformed into a stable
needle-like Al3Fe phase during the heat treatment, which considerably reduces the technological
ductility, relative elongation and structural strength [11]. Therefore, the harmful needle-shaped Al3Fe
was observed in the microstructure of the investigated Al-1% Fe-0.3% Zr alloy [1]. An increase in the
Si content leads to a decrease in the Al3Fe and improvement of Al8Fe2Si (30%–33% Fe, 6%–12% Si [3])
content, as can be seen in Figure 4b,c.

Figure 4b shows the stable D023 Al3Zr particles predominantly at the center of the dendritic cells
formed as a result of transformation from the metastable Al3Zr L12 particles for Al-Fe-Si-Zr alloys with
0.15 wt. % Zr during the heat treatment at the maximum annealing temperature 600 ◦C. The number
of precipitates is lower as compared with alloys with higher Zr content.

 

Figure 4. Microstructure of Al-1%Fe-Si-0.3%Zr alloys annealed at S600 with different contents of Si:
(a) Al-1% Fe-0.3% Zr; (b) Al-1% Fe-0.25% Si-0.3% Zr; (c) Al-1% Fe-0.5% Si-0.3% Zr; (d) Al-1% Fe-1%
Si-0.3% Zr.

3.2. Transmission Electron Microscope

Typical fine structures of the Al-1%Fe-0.25%Si-0.3%Zr alloy are shown in Figures 5 and 6 for the
S450 peak-aging condition and the S600 overaging condition, respectively. The high magnification of
SEM and TEM micrographs of the Al-Fe-Si-Zr alloys with 0.25 wt. % Si and 0.3 wt. % Zr in Figure 5
suggest that small, spheroidal, coherent Al3Zr (L12) precipitates are confined to the dendritic cells,
which are surrounded by precipitate-free interdendritic channels. All fine Al3Zr (L12) particles inside
the marked red circle in Figure 5 are characterized by a cubic structure with a = 4.09 and an average
size of about 10 nm. The orientation relationship between the matrix and Al3Zr (L12) precipitates is
the cube-cube: (020) Al || (020) Al3Zr, (002) Al || (002) Al3Zr, [022] Al || [022] Al3Zr.
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Figure 5. Transmission electron microscope (TEM) micrographs of Al-1% Fe-0.25% Si-0.3% Zr annealed
at S450 with coherent L12 Al3Zr nano-particles: (a) scanning electron microscopes (SEM); (b) TEM;
(c) diffraction; (d) schematic diffraction pattern with indexes.

 

Figure 6. TEM micrographs of Al-1% Fe-0.25% Si-0.3% Zr annealed at S600 with incoherent D023 Al3Zr
particles: (a) SEM; (b) TEM; (c) diffraction; (d) schematic diffraction pattern with indexes.

The annealing at S600 (Figure 6) leads to the particle growth in direction [002], and the
transformation cubic L12 precipitates into the stable complex tetragonal D023-phase with the cell
parameters a = b = 0.3999 nm, c = 1.7283 nm. The Al3Zr (D023) is characterized by the incoherent
boundaries and has an orientation relationship with the matrix: (002) Al || (020) Al3Zr, (020) Al
|| (002) Al3Zr, [100] Al || [001] Al3Zr. A good correlation of the twice interplanar spacing (002)
in aluminum (d (002) Al = 0.2025 nm [13]) and interplanar spacing (001) in the Al3Zr (D023) phase
(d(004) Al3Zr = 0.4321 nm [14]) provides the particles growth along the [002] matrix direction, and the
plate-like shape diameter of Al3ZrD023-particles is 250 nm, with a thickness of 50 nm.
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3.3. Hardness and Electrical Conductivity

Figure 7a–d show the temperature-hardness dependences of the investigated Al alloys after
annealing at different temperatures. It is shown that the shapes of the curves were typical and the
same in all cases. The Si content led to improved hardness in the alloys. On the other hand, an increase
in the annealing temperature decreased hardness.

Figure 7. Temperature dependence of the microhardness (a–d) and the electrical conductivity (a–d’)
for Al-1% Fe-Si-Zr alloys with a fixed content of Si and different contents of Zr: (a, a’) 0 wt. % Si;
(b, b’) 0.25 wt. % Si; (c, c’) 0.5 wt. % Si; (d, d’) 1.0 wt. % Si.
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The Zr content leads to an increase in the hardness of the studied alloys. There are no significant
changes in the hardness with an increase in the temperature up to 350 ◦C. The highest hardness
is observed in the temperature range from 400 ◦C to 450 ◦C. A further increase in the annealing
temperature up to 600 ◦C is accompanied by a decrease in the hardness. Note that the peak-hardness
of the Al-Fe-Si-Zr alloys that determines the collective Si and Zr influence improves with its
content increase.

The effect of Si and Zr content on the electrical conductivity is presented in Figure 7a’–d’.
The increase of Si-content led to the electrical conductivity degradation of as-cast, as well as annealed
alloys. The increase of the annealing temperature is accompanied by the small electrical conductivity
improvement. The peak electrical conductivity decreases with the increase of Si content, as well.
The electrical conductivity decreases significantly with an increase in the Zr content in the temperature
range from 20 ◦C to 350 ◦C. The highest electrical conductivity was also observed at the range from
450 ◦C to 500◦C. A further increase in the testing temperature up to 500 ◦C is accompanied by an
increase in the conductivity.

4. Discussion

Figures 4 and 5 show that the annealing promoted the phase transformation from the metastable
Al6Fe or α-AlFeSi to the Al3Fe equilibrium phase and induced a significant change in solute levels
in the solid solution. The SEM investigation of the studied Al-Fe-Si-Zr alloys demonstrates that the
Fe-containing intermetallics in Al-Fe-Si alloys are both of the so-called α-phases forming the Chinese
script-like morphology and sometimes even as polyhedral crystals, as shown in [15,16].

Most of the Fe combines with both aluminum and Si to form secondary intermetallic phases
because of the low solid solubility of Fe in aluminum (i.e., max. 0.05% at 650 ◦C). The equilibrium
intermetallic Al3Fe phase can form at slow solidification rates. However, depending on the alloy
composition, cooling rate and presence of trace elements, a wide range of intermediate intermetallic
phases, such as AlmFe, Al9Fe, Al6Fe, AlxFe and α-AlFeSi (Al8Fe2Si), can form and are considered
metastable Fe-rich phases in the literature [17,18].

An increase in the Si content leads to an acceleration of the solid solution decomposition and its
maximum replacement to the lower temperature region (Figure 8). A further increase in Si content did
not lead to a change in the speed and temperature of the described peak, so the Si content equal to
0.25 wt. % provides the best combination of hardness and electrical conductivity. The same effect of Si
has been described also in [11].

 

Figure 8. Temperature dependence of the electrical conductivity change of Al-1% Fe-Si-0.3% Zr alloys.

It should be noted that the electrical conductivity of the studied alloys without Zr varies
insignificantly in all investigated temperature ranges. An increase in the Si content led to a decrease in
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the electrical conductivity of the investigated alloys. By contrast, an increase in the Si content led to an
increase in the hardness, as shown in Figure 7. The high content of Si should have led to the formation
of Si-inclusion in the structure (Figure 3d) and contributed to a decrease in the electrical conductivity
of the alloys, as can be seen in Figure 8c,d. The negative effects of Si on the Al alloys’ properties are
described in the literature [19]. Thus, the addition of the Si in the Al-1% Fe alloy leads to the increase
of the hardness, while the electrical conductivity decreases, as can see in Figure 7.

It is known that Zr exists in four forms at different heat processing and heat-treatment stages, i.e.,
solid solution in matrix, coarse primary Al3Zr phase, metastable Al3Zr phase, as well as equilibrium
Al3Zr phase [20]. SEM and TEM micrographs in Figure 5 show the small spheroidal coherent
Al3Zr (L12) precipitates in the dendritic cells surrounded by precipitate-free interdendritic channels.
An increase in the Zr content of more than 0.3 wt. % leads to the formation of primary Al3Zr particles
in the as-cast structure and negatively affects the properties of the investigated alloys. The same results
are reported in [21–23]. Furthermore, the appearance of the primary Al3Zr can also be associated with
such disadvantages of the alloy production regime as casting temperature and cooling rate. In the cast
structure of the investigated alloys with 0.45–0.6 wt. % Zr, there are primary Al3Zr crystals, which
on the one hand speaks to an insufficient cooling rate ensuring the entry of Zr into the solid solution
of aluminum. It is also obvious that the formation of primary Al3Zr particles leads to a decrease of
the volume fraction of secondary precipitations of Al3Zr (nanoparticles), which negatively affect the
thermal stability according to the Zener drag force equitation [24].

It is clearly seen in Figure 4 that Al3Zr precipitates are forming at the interdendritic channels
that result from Zr segregation at the dendrite cores. Thus, dendritically-distributed Al3Zr
precipitates are also a significant problem in commercial wrought alloys, where Zr is added as a
recrystallization inhibitor.

The strong age hardening response of the Zr-containing alloy is due to the precipitation of
small (10 nm) coherent Al3Zr (L12) precipitates, shown by SEM (Figure 4b,c) and TEM (Figure 5).
The decrease in the hardness with an increase in temperature can be explained by the precipitation
hardening due to the Orowan mechanism. The shear stress required for a dislocation to loop around a
precipitate particle is inversely proportional to the edge-to-edge distance between the particles, which
was first described by Orowan as shown in Equation (1) [25]:

This is an example of the equation:
Δτ = GB/L, (1)

where GB is the Burgers vector and L is the distance between two particles. According to Equation (1),
the strengthening effect from the metastable nanoscale Al3Zr L12 dispersoids with an average size of
10 nm was 17-times higher compared to the stable incoherent plate-like D023 Al3Zr particles with a
length equal to 200 nm and a thickness of about 50 nm (Figure 6). Kendig et al. also reported that the
maximum hardening is achieved with the size of precipitates Al3Zr at 5–10 nm [26].

Figure 8 depicts that the electrical conductivity decreases significantly with an increase in the Zr
content in the range from 20 ◦C to 350 ◦C. By contrast, a further increase in the testing temperature up
to 500 ◦C is accompanied by an increase in the electrical conductivity. This increase in the electrical
conductivity with an increasing in temperature can be explained by the decomposition of the solid
solution and the diffusion of Zr atoms into particles leading to a decrease of the number of point
defects in the matrix, less electron scattering and a decrease in the electrical conductivity. Furthermore,
an increase in the Si amount leads to the movement in the maximum of the observed curves to the
lower temperature region, which means a decrease in the temperature of the solution decomposition.

The structural and phase transformations during the annealing process were estimated through
conductivity and hardness measurements. It is well known that Zr dissolved in α (Al) strongly reduces
electrical conductivity. Belov et al. presented the influence of annealing cycles up to 650 ◦C on the
specific conductivity and hardness (HV) of hot-rolled sheets of Al alloys containing up to 0.5 wt. %
Zr (mass fraction). It is demonstrated that the conductivity depends on the content of Zr in the Al
solid solution, which is the minimum after holding at 450 ◦C for 3 h. On the other hand, the hardness
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of the alloy is mainly caused by the amount of nanoparticles of the L12 (Al3Zr) phase that defines
the retention of strain hardening. Chen et al. described an aluminum alloy with 1 wt. % of Zr and
1.7 wt. % of V, which gives an increase to about 5 vol. % of the metastable L12 phase after aging. It is
known that the formation of stable incoherent particles is unexpected and undesirable as this meant
that there was less Zr available in the solid solution to form nanoscale secondary Al3Zr precipitates,
which are desirable in order to limit grain growth.

It can be seen in Figure 7 that the best combination of electrical conductivity and hardness
values can be reached with an acceptable holding time at a temperature of about 450 ◦C. Electrical
conductivity reaches the maximum value at 450 ◦C and can be explained by the maximum depletion
of Zr from the Al solid solution, as was shown in our previous work [17,27]. The maximum electrical
conductivity is ensured by all the Zr in Al3Zr particles. It can be realized using the high-temperature
S600 annealing. However, use of the lower annealing temperatures in view of providing the optimal
hardening due to the formation of the metastable nanosized Al3Zr is also necessary. However,
the decomposition of the solid solution at 350 ◦C required more than 100 h for the slow diffusion of
Zr in aluminum according to Knipling [7,18]. It should be noted that conductivity strongly depends
not only on the temperature of the annealing, but also on the holding time, as well. Al-Mg-Zr alloys
with an ultrafine-grained microstructure combined with a high electrical conductivity (over 57% The
International Annealed Copper Standard) after annealing, severe plastic deformation (SPD) via equal
channel angular pressing-conforming (ECAP-C), followed by cold drawing have been also described
in detail in [25].

Thus, the content of Si and Zr provides the best combination (conjunction) of hardness and
electrical conductivity of Al-1% Fe-Si-Zr alloys as can be clearly seen from the summary graphs shown
in Figure 9. A compromise of the high conductivity and hardness can be achieved if the temperature
of heat treatment is in the range of 450 ◦C–500 ◦C and the content of the Si 0.25 wt. %–0.50 wt. %,
with the Zr content no more than 0.3 wt. %, respectively, as can be concluded from the obtained results.

Figure 9. Complex effect of Si and Zr on the electrical conductivity (The International Annealed Copper
Standard (IACS)) and hardness (HB) of the Al-1% Fe-Si-Zr alloys.

5. Conclusions

In summary, the relationships between the hardness and electrical conductivity were examined
for several Al-Si-Fe-Zr alloys. The influence of the annealing temperature and chemical composition on
the microstructure, electrical conductivity and hardness of Al-Fe-Si-Zr alloys with a different content
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of Si ranging from 0 wt. % to 1 wt. %, various content of Zr from 0 wt. % to 0.6 wt. % and fixed content
of Fe of 1 wt. % has been studied in the present work. The following results were obtained:

1. The Al8Fe2Si phase with a Chinese script-like morphology was formed for the investigated alloy
at 0.25 wt. % of Si, which ensures manufacturability with possible further deformation. An increase in
the Si content leads to an increase of Si content in the solid solution and negatively affects the electrical
conductivity of the alloys and increases the hardness. Therefore, the favorable content of Si was equal
to 0.25 wt. %–0.50 wt. %. It was also described that Si accelerates the decomposition of the solid
solution for alloys with a content of Zr equal to 0.3 wt. %.

2. An increase in the content of Zr over 0.3 wt. % in the investigated alloys leads to the formation
of the primary Al3Zr particles, which substantially reduce the hardness; while, 0.15 wt. % of Zr was
insufficient for the formation of the secondary Al3Zr precipitates. The microstructure evaluation
showed that with an increase in the amount of Zr from 0.15 wt. % to 0.3 wt. %, an increase in the
amount of Al3Zr dispersoids in the dendrites was observed. The microstructure of the considered
alloys with a fixed content of Si equal to 0.5 wt. % and Fe equal to 1 wt. % mostly consists of the
solid solution of aluminum (Al) and a eutectic Al8Fe2Si + (Al) along the boundaries of dendritic cells.
Therefore, the preferable content of Zr was equal to 0.3 wt. %.

3. It was shown that an increase in the Zr content led to an increase in the hardness of the
studied alloys. The highest hardness is observed after annealing at 450 ◦C. A further increase of the
temperature leads to a decrease in the hardness.

4. It was clearly shown that small coherent Al3Zr (L12) precipitates formed in the Al-1% Fe-0.25%
Si-0.3% Zr alloy after S450 annealing. The maximum hardness of the investigated alloy was observed
after S450 annealing because of the maximum strengthening effect due to the formation of these
particles. It was shown that these particles are effective barriers to grain-boundary migration according
to Orowan and transformed into stable incoherent Al3Zr (D023) precipitates after S600 annealing.
The loss of the coherence of Al3Zr particles led to a decrease in the hardness.
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Abstract: Solder joints are the main weak points of power modules used in harsh environments.
For the power module of electric vehicles, the maximum operating temperature of a chip can reach
175 ◦C under driving conditions. Therefore, it is necessary to study the high-temperature reliability
of solder joints. This study investigated the creep properties of Sn-3.0Ag-0.5Cu (SAC305) and
Sn-8.0Sb-3.0Ag (SSA8030) solder joints. The creep test was conducted at 175 and 190 ◦C with the
application of 2.45 MPa. The SAC305 solder had superior creep properties to those of SSA8030 solder
at 175 ◦C and at largely the same homologous temperature (TH~0.91 for SAC305 and TH~0.92 for
SSA8030). Both solders had primary β-Sn and a eutectic mixture of β-Sn and Ag3Sn. Compared
to SSA8030, the SAC305 solder contained ~10% more eutectic structure and contained Ag3Sn that
was 3 times smaller and more round in shape. Furthermore, the SSA8030 solder precipitated SnSb
in an elongated fiber shape (1–50 μm in size) after the creep test. Coarse and elongated Ag3Sn and
SnSb of the SSA8030 solder negatively affected crack propagation in the dislocation creep region and
decreased the creep resistance.

Keywords: creep; lead-free solder; Sb solder; Sn-8.0Sb-3.0Ag; solder microstructure

1. Introduction

In order to prevent global warming and other environmental problems, electric and hybrid
vehicles are being developed to reduce automobile CO2 emissions. Development of power modules is
essential to obtain high efficiency and current conversion in these vehicles. For power modules made
from Si chips, the maximum temperature can increase to 175 ◦C during operation as they require higher
performance and a larger capacity than insulated gate bipolar transistor (IGBT) modules. Therefore,
high-temperature reliability needs to be thoroughly evaluated for reliable use of power modules [1–4].

Components for power modules such as semiconductors and terminals are attached using solders.
Thermal stress is applied by repeated shrinkage and expansion of solder joints, therefore leading to
failure during operation. Because the components for modules in automobiles are used in harsher
environments than those of normal electronic components, Pb-rich solders with a high melting point
and Pb-containing solders with high reliability have been used for these power modules. However,
due to a recent environmental regulation for automobiles, i.e., End-of-Life Vehicle (ELV), the use of
Pb-containing solders for electrical components was completely prohibited in the European Union
(EU), the European Free Trade Association (EFTA), Japan, Korea, and China. Therefore, studies
on high-temperature Pb-free solder to substitute for conventional Pb-containing solder have been
conducted [5–10].
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The creep test is essential in evaluating solder joint properties at high temperature. Diffusion and
dislocation movement in a material are activated as temperature increases. Therefore, the strength
of the material is decreased and eventually deformation is accelerated leading to a fracture although
the applied stress is lower than its yield strength. The creep mechanism is classified with respect
to homologous temperature (TH) and stress. Homologous temperature is the ratio between test
temperature and melting temperature, and it is an important factor for the creep test because creep
strength is sensitive to the test temperature compared to the melting temperature.

Creep mechanism is classified into grain-boundary sliding, dislocation creep, and diffusion creep.
Creep deformation induced by grain-boundary sliding occurs when the high stress is applied. On the
other hand, creep occurring under low stress is diffusion creep and it can be divided into Coble
creep and Nabarro-Herring creep. The creep mechanism most frequently studied is dislocation creep
occurring at relatively high temperatures and in moderate stress regions [11–16]. Dislocation creep is
caused by movement such as glide or climbing of dislocation and corresponds to Low temperature
creep, High Temperature creep, and Power-law break down. The strengthening mechanism of
the solder is very important in understanding its high-temperature properties. The strengthening
mechanisms that can be used for solidification of solder are solid-solution strengthening and
precipitation strengthening. Therefore, the study of solid solution and precipitation is important
in understanding dislocation creep because lattice deformation due to solid solution and precipitation
interfere with the movement of the dislocation.

There are many studies on Pb-free solders, but very few studies on their creep properties have
been reported for Pb-free solders used in high-temperature environments [17]. Recently, researchers
have studied nano-indentation requiring a short creep test time [18,19]. However, nano-indentation
creep is influenced only by microstructures near the dent area, and complex microstructures such as
primary phase, eutectic structure, and precipitation need to be considered for a full understanding of
creep properties. Pb-containing solders have a sufficient database of creep properties and are primarily
composed of Sn. Pb-free solder also has an Sn-rich composition and the creep mechanism map of
Sn–Pb solder has been used for Pb-free solder [20]. This study measured the creep properties of
Sn-3.0Ag-0.5Cu (SAC305), the most commonly used solder, and Sn-8.0Sb-3.0Ag (SSA8030), a high
melting point solder, and analyzed the microstructure of the joint to understand the creep mechanism.

2. Materials and Methods

2.1. Preparation of Creep Specimen

Figure 1 shows a schematic diagram of the power module used in this the study. Solder joints
where Si chips and terminals are attached to direct bonded copper (DBC) are the main cause of
failure. The terminal used for the power module was fixed to a plastic case, followed by attachment
to the DBC using two types of solder. The terminals were coated with Sn and the surface of the DBC
coupons were treated with organic solderability preservative (OSP) such as alkylbenzimidazole and
diphenylimidazole. SAC305 and SSA8030 used for the solder have a melting temperature of 217 and
232 ◦C, respectively. The fixed terminals are vulnerable to stress when the solder solidify for reflow
soldering and the assembled parts to vehicles are in operation. This becomes a reason for creep fracture
at the operating temperature of 175 ◦C. Figure 1 shows the creep test with the terminal coupons.
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Figure 1. Schematic diagram of power module showing the terminal joint.

2.2. Creep Test

Figure 2 shows a strain measured for the terminal due to expansion and contraction during reflow
soldering. A strain gauge was attached to the terminal during terminal soldering to the DBC. The strain
of the terminal was measured three times in total, and it showed maximum strains of 1.07 × 10−3,
7.91 × 10−4, and 8.14 × 10−4, respectively. Because the average strain was 8.92 × 10−4 and the length
of the terminal (L) was 4 mm, the average-maximum displacement (ΔL) corresponding to the average
strain was calculated to be 3.57 μm using Equation (1):

strain =
ΔL(displacement)

L(length)
. (1)

Figure 2. Strain measured for soldering the terminals to the direct bonded copper (DBC).

We applied the calculated displacement (ΔL) to the force–displacement relation obtained through
the experiment of the shear stress at the terminal joint, and calculated the stress of the solder joint
caused by the displacement. Figure 3 indicates the shear force and displacement behavior measured for
the terminal-solder joint. The solid black line of Figure 3 is the shear force and displacement measured
for the terminal joint. The red dotted line shows the regression relationship between the displacement
and the force in the elastic region. The slope of red dotted line (40.86) shows a different value as
compared with the shear modulus of bulk solder (16.60 GPa). The calculated regression equation is
as follows:

y(force) = 40.86 × ΔL(displacement) + 1636.8. (2)

Substituting the displacement of 3.57 μm into Equation (2), the stress was calculated to be 2.18 MPa
and the load of 1.7 kg is obtained by multiplying the force with the joining area (8 mm2). When the
stress of 2.18 MPa is applied at 175 ◦C, dislocation creep will occur at the SAC305 and SSA8030 terminal
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joints. In order to reliably proceed with the creep test in the dislocation creep area, we applied a stress
of 2.45 MPa to the terminal using a weight of 2 kg.

Figure 3. Shear force–displacement behavior measured for terminal-solder joints and the regression
line calculated in the elastic region.

The conditions of the creep test such as stress, temperature, and TH are shown in Table 1.
We determined creep failure from the time when the terminal was electrically disconnected completely
from the DBC. To observe the failure time, we used a multi-channel multimeter to check electrical
resistance every second, and the test was repeated five times in each conditions. We conducted the
creep test at maximum operating temperatures of 175 and 190 ◦C to consider the influence of TH on
creep behavior.

Table 1. Conditions of the creep test.

Solders SAC305 SSA8030

Melting temperature 217 ◦C 234 ◦C
Creep test temperature 175 ◦C 190 ◦C 175 ◦C 190 ◦C

TH 0.91 0.94 0.88 0.92
Stress 2.45 MPa

2.3. Microstructure

For microstructural observation, specimens were cold-mounted with conductive copper resin.
The mounted specimens were subjected to a final polishing using 0.05 μm colloidal silica.
The microstructure was observed using the back-scattered electron (BSE) mode of a field-emission
scanning electron microscopy (FE-SEM, TESCAN, Brno, Czech Republic) with no etching. We measured
the composition of the phase using energy dispersive spectroscopy (EDS) and field-emission electron
probe micro analysis (FE-EPMA, JEOL, Tokyo, Japan). In order to observe the crystal orientation and
stress distribution, we applied argon ion milling treatment on the specimens after final polishing,
followed by electron back-scattered diffraction (EBSD). The amount and shape of the microstructures
were measured from 5 to 10 images, and the average value was calculated using the i-solution DT
program (IMT i-solution Inc., TX, USA).

3. Results

3.1. Effect of Solder Composition and Test Temperature on Creep Failure

Figure 4 shows the creep failure time for the SAC305 and SSA8030 solders at 175 and 190 ◦C.
At 175 ◦C, the failure time of the SAC305 and SSA8030 solder was 207 min and 84 min, respectively.
At 190 ◦C, the failure time of the SAC305 solder was 66 min and that of the SSA8030 solder was 47 min.
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The SAC305 solder, compared to the SSA8030 solder, exhibited a better creep property at both 175
and 190 ◦C. Considering the relative ratio of test temperature with respect to melting temperature,
for the same TH values of 0.91 (175 ◦C for SAC305) and 0.92 (190 ◦C for SSA8030), the failure time
was recorded to be 207 and 47 min, respectively. Therefore, the creep property of the SAC305 was
significantly superior to that of the SSA8030 for the approximately same TH level.

Figure 4. Effects of solders and test temperature on creep failure time. The bars correspond to
standard deviations.

Figure 5 shows the fracture surface after the creep test at 175 ◦C. The SAC305 solder exhibited an
elongated dimple fracture parallel to the direction of applied load (Figure 5a). Figure 5b shows the
fracture surface at high magnification (×10,000) for the SAC305 solder joint. We measured a dimple
size of approximately 10 μm and noted that Ag3Sn had precipitated on the dimple surface. For the
SSA8030 solder, it was difficult to distinguish the dimple shape clearly at low magnification (Figure 5c)
because it is more vulnerable to oxidation than the SAC305 [21]. However, in Figure 5d, dimples
approximately 10 μm in size were observed and SnSb and Ag3Sn were precipitated on the dimple
surface. Based on EDS analysis, Ag3Sn grew in a round shape, as shown in Figure 5b,d. However,
SnSb was precipitated in an irregular and sharp shape (Figure 5d) on the SSA8030. Coarse SnSb
precipitates of large size (~50 μm) and rough surface were also observed as shown in Figure 5c.

Figure 5. Cont.
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Figure 5. Fracture surface after creep testing at 175 ◦C: (a,b) SAC305 solder joints; (c,d) SSA8030
solder joints.

3.2. Effect of Solder Composition on Microstructure

Figure 6a,c shows the microstructures in BSE mode before and after the creep experiment of the
SAC305 solder joint, respectively, and Figure 6b,d shows those of the SSA8030 solder joint, respectively.
The light gray microstructure is the primary β-Sn, the dark gray is the eutectic mixture of β-Sn
and Ag3Sn, and the black is the Cu6Sn5. The SSA8030 and SAC305 solders had the same type of
microstructure. The SSA8030 had no Cu content but produced Cu6Sn5 by diffusion of Cu from the
DBC substrate during reflow soldering. The amount of Cu6Sn5 increased after the creep test for the
SAC305 and SSA8030 solders (Figure 6c,d). The SSA8030 solder indicated a coarser Cu6Sn5 than the
SAC305. After the creep test, we measured the area fraction of Cu6Sn5 in the SAC305 solder and
SSA8030 solder to be 2.0% and 3.9%, respectively. Although the SAC305 solder had less Cu6Sn5 than
the SSA8030 solder, the SAC305 solder had smaller and uniformly distributed Cu6Sn5. Both of the
solders had largely the same width of β-Sn dendrites, and their widths were approximately 12 μm,
which was similar to the dimple size (~10 μm) of the fracture surface shown in Figure 5b,d. In other
words, decohesion occurred at the boundary due to the strength difference between the eutectic region
reinforced by Ag3Sn and the relatively low strength of the β-Sn dendrite region. Finally, a dimple
fracture formed by the cavity growth [22]. We also confirmed it by the Ag3Sn detected on the dimple
surface (Figure 5b,d).

Figure 6. Cont.
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Figure 6. Microstructure before and after the creep test, respectively, for (a,c) SAC305 and
(b,d) SSA8030 solders.

Figure 7a shows the EBSD phase map with Sn in red and Cu6Sn5 in green. Black dots in the red
region were confirmed as Ag3Sn precipitate using EDS. Figure 7b is the kernel average misorientation
(KAM) map that shows the stress field through a variation of the local crystal orientation [23].
We observed a stress field of green and red around the interface where Cu6Sn5 and Ag3Sn formed.
Because the stress field prevents the movement of dislocation and plastic deformation, the precipitation
of Cu6Sn5 and Ag3Sn is related to the creep strength.

Figure 7. EBSD images of SAC305 before the creep test: (a) inverse pole figure (IPF); (b) kernel average
misorientation (KAM).

Unlike Sn-37Pb solders producing a lamella-eutectic structure, Pb-free solders produce dispersed
Ag3Sn with a fibrous form around the primary β-Sn [24,25]. Ag3Sn is a thermally stable compound
because of the limited solubility of Ag in β-Sn [26,27]; therefore, it strengthens the eutectic structure.
Ag3Sn is one of the components in the eutectic mixture for Sn-rich Pb-free solders containing Ag content.
Figure 8 shows the amount of eutectic structure for the SAC305 and SSA8030 solders. Before the creep
test, the SAC305 had the largest amount of eutectic structure (58.5%). After the creep test, the SAC305
solder contained a larger amount of eutectic structure than the SSA8030 solder. The creep test at 175 ◦C
decreased the amount of eutectic structure for both solders. This is because of the Ostwald Ripening
effect in which intermetallic compounds (IMCs) smaller than the critical size are resolved, and they
combine with the large IMCs, increasing the size of the IMCs [28].
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Figure 8. The amount of eutectic microstructure before and after creep testing at 175 ◦C. The bars
correspond to standard deviations.

4. Discussion

Figure 9 shows the eutectic structure observed in detail. The white precipitates are Ag3Sn and
the black are Cu6Sn5. The SAC305 shows Ag3Sn of smaller size and of a rounder shape than that of
the SSA8030. Furthermore, the SSA8030 produced very small SnSb IMCs (dark gray precipitates in
Figure 9d) with some large SnSb IMCs after the creep test. For the precipitates of small size and round
shape, their strength increases because they reduce the inter back stress formation and the dislocation
movement [29]. Therefore, we measured the size and shape of Ag3Sn quantitatively and it is shown in
Table 2. The precipitate size was measured from the long axis of the precipitates, and the roundness
(R) was calculated following ISO16112 using Equation (3) as follows [30]:

R =
A/l2

m
π/4

=
A

Am
. (3)

R is roundness, lm is the maximum diameter of the precipitate, Am is an area of the circle whose
diameter is lm, and A is the actual size of the precipitate.

Figure 9. Cont.
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Figure 9. Intermetallic compounds before and after creep testing at 175 ◦C, respectively, for (a,c)
SAC305 and (b,d) SSA8030 solders.

Table 2. Size and shape of Ag3Sn in eutectic microstructure before and after creep test.

Creep Solders Fraction of Ag3Sn (%) Longer axis of Ag3Sn (μm) Roundness (R) ΔœP (MPa)

Before Creep SAC305 4.7 0.37 0.88 35.58
SSA8030 5.7 1.16 0.70 11.08

After Creep SAC305 4.4 0.48 0.94 24.56
SSA8030 3.4 1.19 0.79 8.56

The Ag3Sn in the SAC305 solder had an average size of approximately 0.37 μm and was in a
round shape regardless of the creep test. After the creep test at 175 ◦C, the average size of Ag3Sn
increased to 0.48 μm with no variation in Ag3Sn fraction. Meanwhile, Ag3Sn in the SSA8030 solder
had an elongated shape and an average size of 1.16 and 1.19 μm, respectively, before and after the
creep test. The SSA8030 showed no variation in the average size of Ag3Sn regardless of the creep test.
The SAC305 showed Ag3Sn that was 3 times smaller and rounder than that of the SSA8030 regardless
of the creep test. Moreover, the maximum size of Ag3Sn in the SSA8030 solder was approximately
7 μm. The coarse Ag3Sn negatively affects mechanical strength [31]. Fine and abundant Ag3Sn hinders
the movement of dislocation and increases creep properties [32]. In order to analyze quantitatively the
mechanical strength variation by precipitate, Equations (4) and (5) were used as follows [33]:

ΔσP = 5.9
(

f
1
2 /x

)
× [ln(x/2.5E − 4] (4)

x = D × (2/3)1/2. (5)

where f is the volume fraction of the precipitate, x is the mean planar intercept diameter (μm), and D is
the mean diameter (μm) of the precipitate. We calculated the strength (ΔσP) due to the precipitates
by substituting the size and amount of Ag3Sn measured in Figure 9 and Table 2. Because the SAC305
solder had small and round Ag3Sn, the strength (ΔσP) due to precipitates was 3 times that of the
SSA8030 solder (Table 2). In Equation (4), the volume fraction (f ) of the precipitate has a power of 0.5
and it has less influence on the strength than the size factor (x) of the precipitate. Specifically, large and
elongated SnSb IMCs were precipitated in the SSA8030 solder after the creep test (Figures 5d and 9d).
Therefore, we conducted additional analysis to investigate the effect of the large and elongated SnSb
on creep failure.

Figure 10a,b shows the FE-EPMA images of the SSA8030 solder after the creep test at 175 ◦C.
Sn was the most abundant element for β-Sn and the eutectic mixture (Figure 10a). SnSb was distributed
irregularly in β-Sn and the eutectic mixture as a red phase, and rich Sb content in β-Sn dendrites was
also observed as a light blue phase (Figure 10b). Sb elements were solved in the Sn-rich phase and
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produced SnSb during the creep test at 175 ◦C. Moreover, the creep crack propagated along the coarse
SnSb having a size of approximately 50 μm. Figure 10c is the enlarged view of crack propagation
through the coarse SnSb IMCs. In the image quality (IQ) map of EBSD, the coarse SnSb was composed
of grain boundaries. The crack propagated along the grain boundary of SnSb. Thus, the coarse SnSb
precipitates acted as a crack propagation path and decreased the creep properties of the SSA8030 solder.

Figure 10. Microstructure of SSA8030 solders after the creep test at 175 ◦C: (a,b) Sn and Sb mapping
using FE-EPMA, respectively; (c) IQ map of EBSD.

The power modules of electric vehicles require a high operating temperature, so the creep
properties of terminal-solder joints need to be investigated. However, the size of the terminal-solder
joint is so small that the relation of grain boundary and dislocation to the creep properties cannot be
observed. For future study, therefore, high-temperature reliability in the scale of bulk solder must be
explored so that the creep mechanism of grin-boundary sliding, dislocation creep, and diffusion creep
can be understood. Creep properties obtained from bulk solder should be helpful in understanding
the real properties of terminal-solder joints.

5. Conclusions

This study investigated the creep properties of the SAC305 and SSA8030 solder joints for the
power modules of electric vehicles. The detailed effects of solder composition and microstructure on
creep failure time are summarized as follows:

1. During reflow soldering, the terminal joint of the power module corresponded to the dislocation
creep region because a stress of 2.18 MPa was applied at the maximum operating temperature of
175 ◦C.

2. Both solders had primary β-Sn and a eutectic mixture of β-Sn and Ag3Sn. SAC305 solder
contained 58.5% eutectic structure before the creep test after which it decreased to 41.3%.
For the SSA8030 solder, the amount of eutectic structure also decreased after the creep test,
from 50% to 34.1%. The amount of eutectic structure in the SAC305 solder was larger than in the
SSA8030 solder.
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3. The SAC305 solder had small and round Ag3Sn; therefore, the strength (ΔσP) due to the
precipitates was 3 times greater than that of the SSA8030 solder. The SAC305 solder, compared
with the SSA8030 solder, lasted a longer time at 175 ◦C and at largely the same homologous
temperature (TH~0.91 for SAC305 and TH~0.92 for SSA8030).

4. During the creep test, Sb atoms solved in β-Sn precipitated into SnSb in the SSA8030 solder. The
coarse SnSb (~50 μm) precipitated and became a crack propagation path, therefore decreasing the
creep property.
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Abstract: The effect of increasing tungsten content from 2 to 3 wt % on the creep rupture strength
of a 3 wt % Co-modified P92-type steel was studied. Creep tests were carried out at a temperature
of 650 ◦C under applied stresses ranging from 100 to 220 MPa with a step of 20 MPa. It was found
that an increase in W content from 2 to 3 wt % resulted in a +15% and +14% increase in the creep
rupture strength in the short-term region (up to 103 h) and long-term one (up to 104 h), respectively.
On the other hand, in the long-term creep region, the effect of W on creep strength diminished with
increasing rupture time, up to complete disappearance at 105 h, because of depletion of excess W from
the solid solution in the form of precipitation of the Laves phase particles. An increase in W content
led to the increased amount of Laves phase and rapid coarsening of these particles under long-term
creep. The contribution of W to the enhancement of creep resistance has short-term character.

Keywords: martensitic steels; creep; precipitation; electron microscopy

1. Introduction

The heat resistant steels with 9–12%Cr are widely used as structural materials for boilers, main
steam pipes, and turbines of fossil power plants with increased thermal efficiency [1,2]. The excellent
creep resistance of these steels is attributed to the tempered martensite lath structure (TMLS) consisting
of prior austenite grains (PAG), packets, blocks, and laths, and containing a high density of separate
dislocations and a dispersion of secondary phase particles [1–5]. Stability of TMLS is provided by
M23C6-type carbides and MX (where M is V and/or Nb, and X is C and/or N) carbonitrides precipitated
during tempering at boundaries and within ferritic matrix, respectively, and boundary Laves phase
particles precipitated during creep [1,2,4–12]. MX carbonitrides, which are highly effective in pinning
of lattice dislocations, play a vital role in superior long-term creep resistance of the high chromium
martensitic steels, whereas boundary M23C6 carbides and Laves phase particles exerting a high Zener
drag force stabilize the TMLS [1,2,5,7–14]. This dispersion of secondary phase particles withstands
short-term creep [4,9,15]. The Laves phase provides effective stabilization of TMLS and therefore
promotes creep resistance, although their effect on the rearrangement of lattice dislocation is negligibly
small [9,11,15]. However, the particles of Laves phase grow with a high rate under creep condition
and, at present, these boundary precipitations are considered to be responsible for the creep ductility
of the P92-type steels during long-term aging [16]. The enhanced long-term creep strength could be
achieved by hindering this microstructural evolution. An effective way to achieve this goal is to slow
down the diffusion-controlled processes, such as the climb of dislocations, knitting reaction between
dislocation and lath boundaries, particle coarsening, etc., by such substitutional additives as Co, W,
and Mo [1,9,17–19].

It was recently shown that cobalt addition significantly hinders the coarsening of M23C6 carbides
and MX carbonitrides under creep conditions, which results in the superior creep resistance of
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martensitic steels [9,13,18,20]. This positive effect of Co is attributed to hindering diffusion within
ferrite [9,18]. Efficiency of W as an alloying element in hindering diffusion is much higher than that of
Co. As a result, W and Mo are known as effective alloying additives to enhance creep resistance of high
chromium martensitic steels [1,19]. These elements provide an effective solid solution strengthening [1].
It was shown [21] that addition of 1% W gives +35 MPa increase in the creep rupture strength at
600 ◦C for 1000 h. However, in contrast with cobalt, the tungsten and molybdenum have limited
solubility within ferrite, and their excessive content leads to precipitation of such W- and Mo-rich
particles as Laves phase Fe2(W,Mo) or M6C carbides [1,7,9–12,22,23]. This depletion does not occur in
the 9%Cr steel containing no or low amount of W [7]. Depletion of solid solution by these elements
highly deteriorates the creep resistance [7,10,11]. It is worth noting that, at present, the most of
experimental data on the effect of W on creep behavior were obtained for cobalt-free high chromium
martensitic steels. The aim of the present work is to report the effect of W addition on the creep
strength and microstructure evolution during creep of two 9%Cr martensitic steels containing 3%Co
and distinguished by W content.

2. Materials and Methods

Two Co-modified P92-type steels with 2 and 3 wt % W denoted here as the 9Cr2W and the
9Cr3Wsteels, respectively, were produced by air melting as 40 kg ingots. Chemical compositions
of these steels, measured by a FOUNDRY-MASTER UVR optical emission spectrometer (Oxford
Instruments, Ambingdon, UK) are presented in Table 1.

Table 1. Chemical composition of the steels studied (wt %).

Steel Fe C Cr Co. Mo W V Nb B N Si Mn

9Cr2W bal. 0.12 9.3 3.1 0.44 2.0 0.2 0.06 0.005 0.05 0.08 0.2
9Cr3W bal. 0.12 9.5 3.2 0.45 3.1 0.2 0.06 0.005 0.05 0.06 0.2

Square bars with cross-section of 13 × 13 mm2 were cast and hot-forged in the temperature
interval 1150–1050 ◦C after homogenization annealing at 1100 ◦C for 1 h by the Central Research
Institute for Machine-Building Technology, Moscow, Russia. Both steels were solution-treated at
1050 ◦C for 30 min, cooled in air, and subsequently tempered at 750 ◦C for 3 h. Tensile tests were
carried out on specimens having a cross section of 1.4 × 3 mm2 and a 16 mm gauge length using
an Instron 5882 Universal Testing Machine (Instron, Norwood, MA, USA) at room temperature and at
650 ◦C with a strain rate of 2 × 10−3 s−1. Flat specimens with a gauge length of 25 mm and a cross
section of 7 × 3 mm2 (for 220–140 MPa) and cylindrical specimens with a gauge length of 100 mm and
a diameter of 10 mm (for 120–80 MPa) were subjected to creep tests until rupture. The creep tests were
carried out in the air at 650 ◦C under different initial stresses ranging from 80 to 220 MPa with a step
of 20 MPa. The 100,000 h creep rupture strength was estimated by extrapolation of the experimental
data using the Larson–Miller equation [24]:

P = T(lgτ + 36)× 10−3 (1)

where P is the parameter of Larson–Miller; T is temperature, (K); τ is time to rupture, (h).
The structural characterization was carried out using a transmission electron microscope,

JEOL-2100, (TEM) (JEOL Ltd., Tokyo, Japan) with an INCA energy dispersive X-ray spectroscope (EDS)
(Oxford Instruments, Abingdon, UK) and scanning electron microscope, Quanta 600FEG, (SEM) (FEI,
Hillsboro, OR, USA) on ruptured creep specimens in the gauge sections corresponding to uniform
deformation in the middle between grip portion and fracture surface. The size distribution and mean
radius of the secondary phase particles were estimated by counting of 150 to 250 particles per specimen
on at least 15 arbitrarily selected typical TEM images for each data point. The error bars are given
according to the standard deviation. Identification of the precipitates was done on the basis of the
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combination of EDS composition measurements of the metallic elements and indexing of electron
diffraction patterns by TEM. The subgrain sizes were evaluated on TEM micrographs by the linear
intercept method including all clearly visible (sub)boundaries. The dislocation densities in the grain
and subgrain interiors were estimated as a number of intersections of individual dislocations with
upper or down foil surfaces per unit area on at least six arbitrarily selected typical TEM images for
each data point [25]. The dislocation observation was carried out under multiple-beam conditions
with large excitation vectors for several diffracted planes for each TEM image. The W-rich M6C
carbides and Laves phase particles could be clearly distinguished from other precipitates by their
bright contrast in the back scattered electron (BSE) image (Z-contrast) [26]. M6C carbides and Laves
phase particles were separated from each other by EDS composition measurements by TEM and
particle size distribution [27]. The volume fractions of the precipitated phases were calculated by the
Thermo-Calc software (Version 5.0.4 75, Thermo-Calc software AB, Stockholm, Sweden, 2010) using
the TCFE7 database for the following compositions of steels (in wt %): 0.1%C-9.4%Cr-0.5%Mo-2.0
(or 3.0)%W-3.0%Co-0.2%V-0.05%Nb-0.05%N-0.005%B and Fe-balance. The following phases were
chosen independently for calculation: austenite (FCC_A1), ferrite (BCC_A2), cementite, M23C6 carbide,
M7C3 carbide, M6C carbide, and Laves phase (Fe2(W, Mo) (C14).

3. Results

3.1. Tempered Martensite Lath Structure

After tempering at 750 ◦C, TMLS forms in both steels. However, in the 9Cr2W steel, the
additional formation of subgrains was observed (Figure 1a), whereas TMLS is dominant in the 9Cr3W
steel (Figure 1b). The average sizes of PAGs were 11 and 20 μm for the 9Cr2W and 9Cr3W steels,
respectively. More details about the microstructure of the steels studied after normalization at 1050 ◦C
and tempering at 750 ◦C can be found elsewhere [27].

 

Figure 1. Mixed lath structure and subgrain one (a) in the 9Cr2W steel and homogeneous tempered
martensite lath structure in the 9Cr3W steel (b) after normalization at 1050 ◦C and tempering at 750 ◦C.

The lath thickness was approximately 0.4 μm for both steels. The high dislocation density of
approximately 2 × 1014 m−2 was observed within the lath and subgrain interiors. In the structure
of both steels, M23C6 carbides located on the boundaries of PAGs, packets, blocks, and laths, and
MX-type carbonitrides uniformly distributed within the martensitic laths were observed. The mean
size of M23C6 carbides was about 90 nm. V-rich MX carbonitrides with a “wing” shape [8,15] have a
mean longitudinal size of 20 nm. Nb-rich MX carbonitrides with a round shape have an average size
of 40 nm. Dimensions of these particles in both steels were the same. The W-rich precipitates of M6C
carbide (Fe3W3C) and Laves phase (Fe2W) were found in the 9Cr3W steel alongside the M23C6 and MX
particles [27]. Therefore, the solubility of (3%W + 0.5%Mo) excesses the thermodynamically equilibrium
solubility limit even at the tempering temperature of 750 ◦C. The 1 wt %W additive provides the
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precipitation of the W-rich M6C carbides and Laves phase even under tempering. No formation of
thermodynamically stable W-rich Laves phases was reported in the conventional 9%Cr martensitic
steels after tempering [1,2,7–12], and the appearance of the less stable W-rich M6C carbides was found
only in a 10%Cr–2%W steel [23]. Under tempering, the partial transformation of M6C carbides into
Laves phase particles may occur if M6C carbides are occupied by other M6C6 carbides and do not have
access to W segregation in the vicinity of PAG–lath boundaries [27].

3.2. Tensile Test

The W effect on engineering stress-strain curves is shown in Figure 2, and yield stress (YS),
ultimate tensile stress (UTS), and ductility δ are summarized in Table 2.

Figure 2. Tensile behavior of the 9Cr2W (solid lines) and 9Cr3W (dash lines) steels after heat treatment
consisting of normalizing at 1050 ◦C and tempering at 750 ◦C. Tensile tests were carried out at room
temperature and at 650 ◦C (creep test temperature).

Table 2. Values of yield stress (YS), ultimate tensile stress (UTS), and ductility (δ), obtained under
tension, at room temperature and 650 ◦C for the 9Cr2W and the 9Cr3W steels.

Steel Temperature Test YS, MPa UTS, MPa δ, %

9Cr2W
20 ◦C 560 708 19
650 ◦C 295 325 32

9Cr3W
20 ◦C 570 760 18
650 ◦C 340 370 21

The shapes of the engineering σ–ε curves at room and elevated test temperatures for both steels
were nearly the same, whereas YS and UTS are higher and δ is smaller for the 9Cr3W steel. The σ–ε
curves at elevated test temperature showed the continuous yielding for both steels. After a short stage
of extensive strain hardening, the apparent steady-state flow appeared and occurred up to necking.
Next, post-uniform necking elongation took place up to fracture. Ductility at room test temperature
was nearly the same for both steels, while at elevated temperature ductility of the 9Cr2W steel was
+52% more than for 9Cr3W steel. Increments of +2% and +7% in YS and UTS at room temperature
and of +15% and +14% in YS and UTS at elevated test temperature were observed for the steel with
increased W content. It is obvious that these increments are provided by solid solution strengthening
due to increasing W content up to 3%.
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3.3. Creep Behavior

Figure 3a shows the creep rupture data of the steels at a temperature of 650 ◦C. In general, the
creep rupture time of both Co-modified steels is significantly longer in comparison with the P92 steel,
that is indicative of the positive effect of Co on the creep strength [1,5,15,28].

Figure 3. (a) Time to rupture vs. stress curves for the 9Cr2W and 9Cr3W steels in comparison with data
for a P92 steel [2,7]; (b) the 1000 h, 10,000 h, and 100,000 h creep rupture strengths of steels at 650 ◦C
as a function of W content; (c) minimum creep rate as a function of time to rupture for the 9Cr2W
and 9Cr3W steels; and (d) applied stress vs. elongation-to-rupture for the 9Cr2W and 9Cr3W steels.
The dotted lines in (a) indicate the time to rupture corresponding to the creep strength breakdown.

In the short-term region up to 103 and 104 h, the creep strength increase is +15% and +14%
from 145 to 167 MPa and from 101 to 115 MPa, respectively, due to increased W content from 2
to 3 wt %. In the long-term creep region, the effect of W additives on the creep strength tends
to diminish. For both steels the 100,000 h creep rupture strength of ~85 MPa predicted through
the Larson–Miller parameter (Figure 3b) is nearly the same, and, therefore, the positive effect of W
disappears. However, this value is 15% higher than the creep rupture strength of ~72 MPa for the P92
steel predicted through the Larson–Miller parameter from data published in previous works [28,29].

It was recently shown that creep strength breakdown is a tertiary creep phenomenon [7,13].
The Monkman–Grant relationship relating the rupture time, τr, to the minimum or steady-state creep
rate is described as the Equation (2):

τr = (c′/ .
εmin)

m′
, (2)

where c′ and m′ are constants. This relationship is used for the prediction of creep life of heat-resistant
steels [1,13]. Analysis of Equation (2) for the studied steels (Figure 3c) shows that this approach is
suitable for describing the relation of rupture time with the offset strain rate,

.
εmin. For short-term

conditions, which corresponds to τr less than approximately 2000–3500 h, τr is inversely proportional
to

.
εmin (Figure 3c) at m′ = 1 [13]. The constant c′ is 3.0 × 10−2. For long-term conditions, which

correspond to a τr greater than approximately 2000–3500 h, the relationship between τr and
.
εmin
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deviates downward. The transition from short-term creep to a long-term one appears as the deviation
from the linear dependence described by Equation (2), which indicates m′ < 1 [13]. Loss of ductility
occurs at low stresses of 120–100 MPa in both steels (Figure 3d). For the 9Cr2W steel, a decrease in the
elongation-to-rupture correlates with the creep strength breakdown appearance in Figure 3a, while for
the 9Cr3W steel, the changes in elongation-to-rupture have irregular character. For high stresses from
220 to 140 MPa, elongation-to-rupture increases from 8% to 13%, then remarkably reduces to 3–5% at
low stresses of 120 and 100 MPa, and then increases to 8% at 80 MPa. The relation of loss of ductility
and creep strength breakdown is not revealed for the 9Cr3W steel. In contrast with the dependencies
of the applied stress vs. the rupture time (Figure 3a), there was no distinct inflection point for the
transition from the short-term region to the long-term one by the shapes of aforementioned curves.
The minimum creep rate decreased from approximately 10−7 to 10−10 s−1 with a decrease in the
applied stress from 220 to 100 MPa. There was a linear dependence between the minimum creep rate
and the applied stress (Figure 4). The experimental data obey a power law relationship throughout the
whole range of the applied stress of the usual form [1,7,13]:

.
εmin = A × σn exp

(−Q
RT

)
, (3)

where
.
εmin is the minimum creep rate, σ is the applied stress, Q is the activation energy for a plastic

deformation, R is the gas constant, T is the absolute temperature, A is a constant, and n is the “apparent”
stress exponent.

 

Figure 4. Minimum creep rate as a function of time to rupture for the 9Cr2W and 9Cr3W steels in
comparison with data for the P92 steel [2,7].

For the applied stresses from 220 to 100 MPa, these plots provide the best linear fit with a regression
coefficient of 0.98 for n = 12 and 9 for the 9Cr2W and 9Cr3W steels, respectively. This n value at all
tested stress regimes remains constant. The steady-state creep of the 9Cr2W and 9Cr3W steels was
controlled using the same process for the short- and long-term regions at a creep rate ranging from 10−6

to 10−10 s−1. This clearly indicates that there is no creep strength breakdown during the steady-state
creep of both steels [7,13]. However, for the 9Cr3W steel, minimum creep rate at 80 MPa is similar
with that at 100 MPa, which indicates the change in the process that controls the steady-state creep.

3.4. Crept Microstructures

SEM-BSE and TEM images of both steels after creep rupture tests are shown in Figure 5.
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Laves phase, enriched by W and Mo, could be distinguished as the white particles in Z-contrast,
and Cr-enriched M23C6 carbides as the grey particles on the grey background of matrix [10,30].
The short-term creep tests (≤2000 h) did not change the lath structure in both steels (Figure 5a,b).
W-rich particles exhibited nearly round shape. After the long-term creep rupture tests (≥2000 h)
the lath thickness increased (Figure 5c,d), and transformation of the lath structure into subgrain
structure took place in both steels. The well-defined subgrain structure evolved in the 9Cr2W steel,
only. TEM studies support this conclusion (Figure 5e,f). In the 9Cr2W steel, the subgrains rapidly
grew from 0.6 to 1.5 μm after 2000 h (Figure 6a), whereas in the 9Cr3W steel, this size insignificantly
changed from 0.6 to 0.7 μm (Figure 6b). It should be noted that upon further creep tests from 2000 to
10,000 h, the subgrain sizes remained almost unchanged in both steels (Figure 6a,b).

 

Figure 5. Microstructure of the 9Cr2W (a,c,e) and 9Cr3W (b,d,f) steels after creep rupture tests at
650 ◦C under the stress of: (a) 160 MPa, 487 h; (b) 180 MPa, 356 h; (c,e) 100 MPa, 11,151 h; (d,f) 100
MPa, 15,998 h; obtained by SEM (a–d) and TEM (e,f).

There is a difference in the effect of creep on the distributions of second phase particles in the
two steels. In the 9Cr3W steel, the fine particles densely distributed along the boundaries can be seen
after short-term creep (Figure 5b), whereas in the 9Cr2W steel, these precipitates were slightly coarser,
and their density was less (Figure 5a).

M23C6 carbides. In the 9Cr2W steel, coarsening of M23C6 carbides occurred faster than in the
9Cr3W steel during creep tests (Figure 6c,d). Mean size of these carbides increased to 200–250 nm
after 1000 h in the 9Cr2W steel (Figure 6c), whereas in the 9Cr3W steel, the size of these carbides
remained less than 100 nm up to rupture times of ~5000 h (Figure 6d). Therefore, the W addition
enhanced the coarsening resistance of M23C6 carbides in short-term creep conditions. At the same time,
under long-term creep conditions, the average dimension of M23C6 carbides and their morphology
became essentially the same in both steels. The average Cr and W contents in the M23C6 carbides
were the same in both steels and tended to slightly increase with increasing rupture time (Figure 7a).
In contrast, the portion of Fe decreased with increasing rupture time. Under long-term exposure,
the chemical composition of M23C6 carbides tended to approach the thermodynamically equilibrium
composition (Table 3).
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Figure 6. Mean size of spacing (a,b), mean size of particles of different phases (c,d), and change in W
and Mo content in the solid solution (e,f) as function of time in the 9Cr2W (a,c,e) and 9Cr3W (b,d,f)
steels during creep tests at 650 ◦C under the stresses of 100–220 MPa. The vertical dotted lines indicate
the time to rupture corresponding to the creep strength breakdown. Moeq = Mo + 0.5W.

Figure 7. Change in the chemical compositions of (a) M23C6 carbides; (b) V-rich MX; (c) Laves phase
particles; and (d) Nb-rich MX during creep tests at 650 ◦C under the stresses of 100–220 MPa.
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Table 3. Weight fraction of elements in the different phases in the steels studied at 650 and 750 ◦C as
calculated by Thermo-Calc.

Element Cr Fe W V Nb N C Mo Co.

650 ◦C (Creep)

MX
9Cr2W - - - 61.98 17.67 18.25 0.51 - -
9Cr3W - - - 61.96 18.59 17.78 0.44 - -

M23C6
9Cr2W 60.54 14.08 7.50 0.44 - - 5.00 12.25 -
9Cr3W 60.32 13.95 8.59 - - - 5.00 11.24 -

Laves
9Cr2W 6.26 32.57 56.99 - - - - 3.99 -
9Cr3W 6.42 32.20 57.77 - - - - 3.42 -

Solid
solution

9Cr2W 8.39 87.59 0.68 0.02 - - - 0.18 3.13
9Cr3W 8.47 87.16 0.68 0.04 - - - 0.16 3.13

750 ◦C (Tempering)

MX
9Cr2W - - - 61.29 17.99 17.73 0.77 - -
9Cr3W - - - 59.50 19.38 17.78 0.70 - -

M23C6
9Cr2W 51.78 20.61 13.92 - - - 4.83 8.03 -
9Cr3W 51.32 20.30 16.83 4.78 5.80 -

Laves
9Cr2W 5.35 33.62 56.49 - - - - 4.31 -
9Cr3W 5.50 33.27 57.22 - - - - 3.76 -

Solid
solution

9Cr2W 8.51 86.42 1.60 0.03 - - - 0.37 3.00
9Cr3W 8.60 85.98 1.63 0.04 - - - 0.32 3.00

Laves phase. The precipitation behavior of Laves phase in the two steels was quite different
(Figure 6c,d). In the 9Cr2W steel, the precipitation of Laves phase particles started to occur with a high
rate under creep condition. Next, these particles gradually grew with a high rate up to 250 nm at
creep rupture time of 11,151 h (Figure 6c). In contrast, in the 9Cr3W steel, the particles of Laves phase
precipitated under tempering remained their size of ~100 nm up to 5000 h of creep tests. Then, the rapid
coarsening of Laves phase started to occur, and their average size attained ~550 nm at creep rupture
time of ~16,000 h (Figure 6d). Thus, high W content slowed down the coarsening of Laves phase and
provided the improved coarsening resistance of Laves phase up to about 10,000 h. However, upon
further creep, the extensive precipitation of Laves phase induced their growth with an increased rate.
The final average size of Laves phase particles in the 9Cr3W steel became even higher than that in
the 9Cr2W steel (530 nm and 312 nm, respectively). In the 9Cr3W steel, the volume fraction of Laves
phase was significantly higher (2.394%) in comparison with the 9Cr2W steel (1.315%) as calculated by
Thermo-Calc software (Table 4). It is indicative of the full depletion of excess content of W at 650 ◦C
from the solid solution under long-term creep.

Table 4. The volume fraction of second phases in the steels at 650 ◦C as calculated by Thermo-Calc.

Phase
Volume Fraction (%)

9Cr2W Steel 9Cr3W Steel

M23C6 1.958 1.966
MX 0.246 0.238

Laves phase 1.315 2.394

In both steels, Fe and Cr contents insignificantly decreased in the Laves phase, and Mo content
slightly increased during creep (Figure 7c). W content decreased in the 9Cr2W steel, whereas in the
3 wt % W steel it increased. However, these chemical composition changes of the Laves phase particles
were insignificant. Therefore, the Laves phase particles initially precipitated in accordance with the
thermodynamically equilibrium content (Table 3), and their coarsening was not associated with the
changes in their chemical composition.
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No evidence for M6C carbides presence in the 9Cr3W steel was found after creep tests.
These carbides were replaced by more stable Laves phase under short-term creep as in other
high-chromium martensitic steels [22].

Nb-rich MX carbonitrides. Thermo-Calc calculation predicted the existence of a unified (V,Nb)N
nitride with a very low C content at 650 ◦C only in both steels (Table 4), whereas Nb-rich and
V-rich separation of MX phase remained under creep condition at this temperature. In the 9Cr3W
steel, Nb-rich MX carbonitrides grew from 40 to 50 nm under long-term creep condition (Figure 6d).
In contrast, in the 9Cr2W steel, they rapidly grew from 40 to 60 nm under short-term creep conditions
and then to 70 nm under long-term creep conditions (Figure 6c). Thus, W additives hindered the
coarsening of Nb-rich MX carbonitrides. Effect of W additions is more pronounced under short-term
creep. Nb and V content in the Nb-rich MX particles slightly increased and decreased, respectively, with
increasing rupture time (Figure 7d) in opposition to thermodynamically equilibrium values (Table 3).

V-rich MX carbonitrides. The average size of V-rich MX particles attained 60 nm after long-term
creep tests in both steels. In the 9Cr2W steel, the well-known replacement of V-rich MX carbonitrides
by Z-phase (CrVN nitride), which is in fact the most thermodynamically stable nitride [31,32], started
to occur after ~5000 h. The full transformation of all V-rich MX carbonitrides was found after 10,000 h
of creep tests. The mean size of Z-phase was about 300 nm. Therefore, the size of V-rich carbonitrides
increased by a factor of ~4.5 and they could not more contribute to the creep resistance of the 9Cr2W
steel (Figure 6c). +1 wt %W additive shifted the onset of this transformation from 5000 h to 16,000 h;
the separate Z-phase particles in the 9Cr3W steel were revealed after 16,000 h [33]. Nb content in
the V-rich MX particles slightly increased with rupture time in both steel (Figure 7b). V content in
the V-rich MX particles tended to decrease in the 9Cr3W steel with rupture time. At rupture time
≤5000 h, in the 9Cr2W steel, the V and Cr contents were essentially independent on the rupture time.
Therefore, no gradual increase in Cr content within the V-rich MX particles resulting in transformation
of their cubic lattice into tetragonal lattice of Z-phase [20,32,34] was detected.

Solid solution. Solid solution of the 9Cr3W steel (Figure 6f) was more enriched by W than that of
the 9Cr2W steel (Figure 6e) during short-term creep up to time t of ~500–700 h. After this exposure,
there is no significant difference in W content in the solid solution of two steels.

Depletion of W and Mo from the solid solution took place with increasing rupture time.
However, the rate of the W depletion was higher in the 9Cr3W steel under short-term creep conditions.
Depletion of W, f (W), from the solid solution could be described as:

f (W)~1.3exp(−0.0059t) for the 9Cr2W steel, (4)

and f (W)~2.4exp(−0.0083t) for the 9Cr3W steel. (5)

Depletion of Mo, f (Mo), from the solid solution could be described as:

f (Mo)~−0.08t for both steels. (6)

This finding indicates the strong dependence of W content on the rupture time up to
an achievement of the thermodynamically equilibrium value of W in the ferritic matrix (Table 3).
At rupture time ≥700 h, the Moeq = Σ(Mo + 0.5W) [35] was the same for both steels since no significant
difference in W and Mo content was found in the ferritic matrix of both steels by TEM.

4. Discussion

4.1. Contribution of W to the Solid Solution Strengthening

The experimental data showed that increasing W content from 2 to 3 wt % improves the creep
resistance of the 0.1C-9Cr-3Co-0.5Mo-VNbBN steel at 650 ◦C under short-term creep conditions due to
solid solution strengthening as main hardening mechanism. As a result, the TMLS essentially remains
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in the 9Cr3W steel, whereas a well-defined subgrain structure evolves in the 9Cr2W steel. Despite this
fact, the creep strength of the 9Cr3W steel approaches to the level of the 9Cr2W steel with increasing
rupture time up to 105 h according to estimation by Larson–Miller parameter. It is worth noting that
effect of Co on the microstructural evolution under creep is nearly the same [18]. However, both Co
and W additions could not prevent the breakdown of creep strength taking place at a rupture time
of ~2000 h for the P92 steel and the 9Cr2W steel, and at a rupture time of ~10,000 for the 9Cr3W
steel (Figure 3a,c).

Moeq content in the solid solution of both steels is significantly higher than the solubility
limit for these elements at 650 ◦C and the precipitation of Laves phase provides approaching of
W and Mo contents to their thermodynamically equilibrium levels under creep condition. It is
known [1,7,10–12,15,22] that the precipitation of Laves phase during creep is hindered by low
rate of these substitutional elements diffusion. The continuous decrease in W content in the solid
solution indicates the continuous decomposition of the supersaturated solid solution accompanied by
the precipitation of the fine Laves phase particles during creep tests. Under long-term condition,
the volume fraction of Laves phase attains the thermodynamically equilibrium value (Table 4).
The same Moeq value in the solid solution of both steels is attained after 700 h of short-term creep
exposure. This indicates no advantage in solid solution strengthening for the 9Cr3W steel after 700 h
of creep test.

However, the 9Cr3W steel demonstrates +14% increments in creep strength even after 700 h of
creep testing. Increasing W content up to 3% contributes to creep strength not only by solid solution
strengthening but by creation the preconditions for improved creep strength, such as homogeneous
TMLS, increased dislocation density, and narrow size distributions of boundary particles after
tempering, which provide advanced creep strength upon creep time more than 700 h. Therefore, under
short-term creep, the W addition slows down the rearrangement of lattice dislocations by climb that
may prevent the aforementioned transformation of lath boundaries to sub-boundaries. However, under
long-term conditions, a saturation of the solid solution by W and Mo is the same in both steels and
the retardation of dislocation climb by W addition could not provide the stabilization of TMLS. It is
obvious that the influence of W content on the stability of TMLS under long-term creep conditions is
attributed to its effect on a dispersion of secondary phase.

4.2. Contribution of W to the Particle Strengthening

The experimental data showed that increasing W content from 2 to 3 wt % improves the creep
resistance of the steel in the short-term conditions due to sluggish kinetics of the coarsening of
M23C6 carbides, precipitation of fine Laves phase particles, and preventing transformation of TMLS
into subgrain structure. The effect of W on the coarsening behavior of M23C6 carbides and Laves
phase was considered in the companion work [36] in sufficient details. In that study, we briefly
summarize that 1 wt % W addition affects the size distribution of these two types of particles after
tempering that leads to the difference in the coarsening behavior between two steels [36] during creep.
In the work [37], it was found that the coarsening of M23C6 carbides correlates with the changes in
their chemical composition. It is worth noting that the coarsening of M23C6 carbides in both steels is
accompanied by an increase in Cr and W contents and a decrease in Fe content (Figure 6a). In work [37],
it has been observed that M23C6 carbides grow during 50,000 h up to the chemical equilibrium.
In both steels, the character of evolution of chemical composition of M23C6 carbides is essentially the
same. The Cr and (W + Mo) contents in M23C6 carbides increase at the expense of Fe and reach the
thermodynamically equilibrium values (Table 3). It is worth noting that Thermo-Calc calculation at
650 ◦C predicts the Cr and (W + Mo) content in M23C6 carbides higher and lower, respectively, than
that at 750 ◦C. Under tempering condition, only Cr content attained thermodynamically equilibrium
value in M23C6 carbides. Cr atoms diffuse slightly slower than Fe atoms in ferrite, and the diffusion
rate of W and Mo atoms is the lowest in comparison with Cr [38]. This is the reason for approaching the
thermodynamically equilibrium chemical composition of M23C6 carbides during a long-term exposure.
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In both steels, the various second phase particles pin the lath boundaries. MX particles
homogeneously distributed within the lath exert Zener drag pressure, which can be evaluated
as [9,15,23,39,40]:

PZ =
3γFV

d
, (7)

where γ is the boundary surface energy per unit area (0.153 J m−2) [15,40], Fv is the volume fraction of
particles calculated by Thermo-Calc, and d is a mean size of particles, m.

The boundary particles of M23C6 and Laves phases exert Zener drag pressure estimated
as [9,15,23,39,40]:

PB =
γFvBD

d2 , (8)

where D is subgrain size or lath width, μm, and FvB is the fraction of particles located at the boundaries.
The pinning pressures were calculated separately for M23C6 carbides and Laves phase according with:

PB =
γFvBD0

d2
0

· βi
β0

, (9)

where βi is density of M23C6 carbides or Laves phase, located along boundaries, for each applied stress.
Calculation of Zener drag pressure for the different kinds of particles was considered in the previous
work [9] in details.

+1 wt % W addition as well as an applied stress affect the particles sizes and their volume
fractions (Figure 6 and Table 3). As a result, there is a difference in the pinning pressure between the
two steels, and Zener drag pressure depends on the creep test time (Figure 8). Both steels contain
essentially the same volume fraction of MX carbonitrides, and the pinning pressure from these particles
(PZ) is the same for both steels. At high applied stress, MX carbonitrides give a minor contribution to
the total Zener pressure due to the low volume fraction of these particles and random distribution
within subgrain and laths.

In the 9Cr2W steel, the M23C6 carbides gives the main contribution to overall Zener drag force at
any applied stress [23], whereas in the 9Cr3W steel the highest Zener drag is exerted by Laves phase
particles at the applied stresses more than 100 MPa [39]. Only at an applied stress of 100 MPa the Zener
drag exerted by M23C6 carbides in this steel (9Cr3W) becomes higher than that exerted by Laves phase
particles, and the PB and PZ values originated from Laves phase and MX carbonitrides, respectively,
are the same at this condition (Figure 8b). In contrast, in the 9Cr2W steel, the PZ value drops at
an applied stress of 100 MPa, owing to transformation of V-rich MX carbonitrides to Z-phase, and
the pinning pressures from the boundary M23C6 carbides (PB) and MX carbonitrides with a random
particle distribution (PZ) are similar at an applied stress of 120 MPa (Figure 8a).

Figure 8. Change in the pinning pressures from different kinds of particles on the grain and lath
boundaries of the (a) 9Cr2W steel and (b) 9Cr3W steel during creep tests at 650 ◦C under the stresses of
100–220 MPa.
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Thus, the Zener pressure exerted by boundary particles remains for a long time until the
particle coarsening occurs. Size stabilization of the Laves phase particles in the 9Cr3W steel provides
a significant contribution to high Zener pressure, whereas their rapid coarsening removes this effect.
Thus, Laves phase particles give short-term contribution to the precipitation strengthening. The
decrease in Zener pressure exerted by Laves phase does not lead to the transformation of TMLS into
subgrain structure as in the 9Cr2W steel because M23C6 carbides are able to provide the high level of
Zener pressure [23] (more than 0.05 MPa) at the low stresses in the steel with 3 wt % W.

Therefore, there is no positive effect of increased W content on the creep resistance of the
Co-modified P92 steel under long-term creep conditions. An alloying of 0.1C-9Cr-3Co-0.5Mo-VNbBN
martensitic steel by 3%W does not seem justified for the applying at long-term creep condition (for
105 h) at 650 ◦C. Therefore, the W content of ~2 wt % is optimal for the Co-containing high chromium
martensitic steels.

5. Conclusions

The microstructures of two 0.1C-9Cr-3Co-0.5Mo-VNbBN martensitic steels with different content
of W (2 wt % and 3 wt %) in the tempered and crept at 650 ◦C under stresses of 100–220 MPa conditions
were studied. The main results can be summarized as follows:

1. The structure of both steels tempered at 750 ◦C for 3 h is the tempered martensite lath structure
with the lath thickness of 0.4 μm. An increased W content leads to the formation of W-rich Laves
phase particles and M6C carbides on the boundaries in addition to the M23C6 carbides located
also on the boundaries and MX carbonitrides distributed uniformly within the ferritic matrix.

2. The steel with 3 wt % W content demonstrates a +15% increase in the 10,000 h creep rupture
strength at 650 ◦C due to hindering the coarsening of the M23C6 carbides, MX carbonitrides and
Laves phase particles. Tungsten also slows down the transformation of V-rich MX carbonitrides
into Z-phase particles.

3. An increase in W content in the steels provides an increase in the amount of Laves phase.
Under long-term conditions, the depletion of excess W from the solid solution leads to the
rapid coarsening of Laves phase particles; the contribution of this phase to Zener drag has
a short-term character.

4. The predicted long-term creep rupture strength for 100,000 h is about 85 MPa for both steels.
This value is independent on W content due to depletion of its excess from the solid solution up
to thermodynamically equilibrium value due to Laves phase precipitation. Therefore, there is
no positive effect of increased W content on the creep resistance of the Co-modified P92 steel
under long-term creep conditions. An alloying of 0.1C-9Cr-3Co-0.5Mo-VNbBN martensitic steel
by 3%W does not seem justified for long-term creep condition (for 105 h) at 650 ◦C. Therefore, the
W content of ~2 wt % is optimal for the Co-containing high chromium martensitic steels.
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Abstract: Rare earth (RE) addition can refine and change the shape/distribution of inclusions in steel
to improve its strength and toughness. In this paper, the control of RE, specifically Ce and La, and their
behaviors in the practical industrial production of high-strength structural steel with 420 MPa yield
strength were studied. In particular, the interactions between RE and Al, Nb, S, O were investigated,
with the aim of improving the steel toughness and welding performance. The impact energy of the
plate with RE is approximately 50 J higher than the regular plate without RE. The toughness of the
plate from ladle furnace (LF) refining with RE addition is better than the one from Ruhrstahl and
Hereaeus (RH) refining. The RE inclusions could induce the intragranular ferrite and refine the grain
size to the preferred size. After welding at the heat input of 200 kJ/cm, the grain size at the heat
affected zone was found to be the finest in the plate from the LF process with RE addition. Notably,
the microstructure of ferrite was quasi-polygonal.

Keywords: structural steel plate; nonmetallic inclusions; rare earth control

1. Introduction

Structural steels are applied in various infrastructure, such as bridges, shipbuilding, and
construction. Nowadays, the performance requirements of structural steel are getting higher and
higher under various loading conditions such as earthquake, fire, wind, etc. [1–3]. Among the various
performance properties, the most important requirements are low temperature impact toughness
and welding. There are many laboratory studies on the effects of rare earth (RE) metals addition
to the toughness of steels [4–8]. RE can refine and change the shape/distribution of inclusions in
steel to improve strength and toughness. The addition of lanthanide metals to continuously cast steel
is particularly advantageous because of their ability to refine as-cast structures, reduce segregation,
and increase hot ductility at temperatures just below solidification [9]. People studied the optimum
mass ratio of La and Ce in La + Ce combined treatment, and the best incubation time of Le + Ce
(3:1) treatment [10]. There were some works on the efficiency of Ti-bearing inclusions in refining the
grain size, and dealing with Al and Mn contents in weld metal inclusions [11,12]. Moreover, some
research has focused on the effect of RE in high-heat-input welding, and the induction of acicular
ferrite behavior [13–15]. During World War II, it was found that the addition of RE metals to steel
could significantly improve its properties. Since then, RE metals have been widely applied in steel
manufacturing. The RE nitride and the austenite grain size could be controlled to around 10 mm,
when the amount of RE metals is more than 50 ppm [12,16–19]. RE can spheroidize inclusions that
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mainly rely on the combination of sulfur, reducing MnS formation, which results in RE sulfides and
oxysulfide [13]. This leads to more applications in the special steel field [20]. It is shown that Ce is
effective in the range 0.04–0.2 mass pct, but there is a rare report on the interactions between RE and
other elements in the inclusions when S is less than 0.003 mass pct and RE is less than 0.005 mass pct,
aiming to improve the toughness of steel. Due to the low amount of RE that is added, the production
cost remains low. In this paper, we studied the control of RE, specifically Ce and La, and their behaviors
in the practical industrial production of high-strength structural steel with 420 MPa yield strength,
especially the interactions between RE and Al, Nb, S, O in the steel plate, with the aim of improving
the steel toughness. Tests and analysis in the steelmaking process were tracked by some manufacturers
in the production of structural steel of 420 MPa.

2. Experimental

The steelmaking process of high-strength structural steel with 420 MPa yield strength is shown
in Figure 1. Through the RE treatment combined with heat treatment and controlled rolling, it was
possible to control the cooling stability, which could limit the yield ratio to less than 0.85. Moreover,
the toughness and welding performance of the final product could be enhanced.

Figure 1. Steelmaking process of structural steel of 420 MPa plate.

The RE content in the alloy used in the present research was >95 mass pct, with a ratio of Ce
and La in 2 for structural steel of 420 MPa plate production. The 2:1 ratio of Ce and La is nearly the
same as their original ratio in nature. Their use avoids the complicated process of RE purification,
which saves the overall cost of the whole process. The RE alloy was purified by refining treatment,
and it was added by vacuum packaging. The chemical composition of structural steel of 420 MPa plate
was shown in Table 1. The steelmaking process for Q420q steel involved pretreatment of hot metal,
top blown oxygen converter (LD), ladle furnace (LF) refining, Ruhrstahl and Hereaeus (RH) refining,
calcium treatment, and continuous casting (CC). In this steelmaking process, deoxidation was realized
by aluminum after the LD process. The deep desulfurization and adjustment of alloying composition
were performed in LF refining. The main function of RH refining was degassing and removal of
inclusions. Hence, the protection of the casting was enhanced to prevent the secondary oxidation.
Moreover, the process of calcium treatment was also used to control the morphology of inclusions.
In addition, the sampling of liquid steel used a special “sampler”, which is a high-temperature-prove
alloy steel sampler with a cork binding on it. This sampler could prevent the contamination of liquid
steel and slag.

Table 1. The chemical composition of the high-strength structural steel with 420 MPa yield strength,
mass pct.

The Position for
RE Alloy Added

C Si Mn P S (Nb + Ti + etc.) La Ce

LF refining 0.144 0.28 1.46 0.014 0.0019 <1 <0.0010 <0.0020
RH refining 0.148 0.27 1.5 0.014 0.0016 <1 <0.0030 <0.0060
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The inclusion behaviors of the steel, such as particle size, composition, and species were
investigated via an automated scanning electron microscope (ASPEX explorer, Hillsboro, OR, USA).
We could find the inclusion by EDS scanning automatically, and calculate the inclusion’s center. Then,
the equipment would scan towards eight dimensions from the center to obtain the spinning line.
The inclusion structure and size would be determined via this information. The samples were cut into
25 mm × 25 mm × 20 mm shapes by line cutting, followed by coarse and fine grinding, and polishing.

The composition and type of inclusions were shown with the use of CaO-MgO-Al2O3 and
CaO-Al2O3-CaS ternary phase diagrams. The chemical composition of inclusions was determined
by EDS (S3400N) analysis, from which they were converted into the content of oxide and sulfide.
The impact toughness testing was performed with a pendulum impact hammer (SANS, JB-300B,
Shenzhen, China), which could generate a standard strike energy of 300 J, using the Charpy V-notched
impact test method for metals. The high heat input welding experiments were realized with an electric
gas welding tester (255 A, 34 V). The steel plate sample is 20 mm in thickness. Flux cored wire was
used in the test, and the welding angle was 17◦.

3. Results and Discussion

The chemical composition of the high-strength structural steel with 420 MPa yield strength was
shown in Table 1. Nb and Ti are present. However, it was known that they have small effect on the
oxide metallurgy, especially with high aluminum. The main inclusion of our present study is calcium
aluminate, which contains rare Ti. Moreover, the Nb addition improved the strength, and the addition
of RE would also cause some transformation to Nb. This will also be discussed in detail in this paper.

Component distribution of inclusions in structural steel of 420 MPa plate with RE in some practical
industrial production was shown in Figure 2. It could be found that the component distribution of
inclusions, in most cases, was calcium aluminate. It is known that most of the calcium aluminate
inclusions have a high melting point >1873 K (1600 ◦C) [21]. The inclusions with high melting point
exist in the form of spinel or calcium aluminate wrapped with CaS. The size of most of the inclusions
was between 1 and 20 μm, and the most significant inclusions in class B are calcium aluminate with
a low melting point <1773 K (1500 ◦C), [22] which could reach maximum 180 μm in size. As to the
inclusions from LF refining process with RE addition, they are Al2O3-CaS inclusions in Al2O3-CaS-CaO
system. We could not find calcium aluminate with low melting point. The size of most of the inclusions
size is between 1 and 10 μm. The same phenomenon was also observed from the RH refining process
with RE addition. However, some calcium aluminate inclusions were found with a low melting point.
The size of most of the inclusions is between 1 and 15 μm. The average sizes of inclusions in a plate are
2.75 μm (LF with RE) and 3.11 μm (RH with RE), which are less than 4.42 μm of the regular structural
steel without RE. The addition of RE would decrease the size of the inclusions.
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Figure 2. Component distribution of inclusions in structural steel. ((a) Inclusions of regular structural
steel without rare earth (RE); (b) inclusions in structural steel from ladle furnace (LF) refining with
RE addition; (c) inclusions in structural steel from Ruhrstahl and Hereaeus (RH) refining with RE
addition).

3.1. Comparison of Inclusions Resulted from Ladle Furnace (LF) and Ruhrstahl and Hereaeus (RH) Processes

Figure 3 shows the size distribution of inclusions in structural steel of 420 MPa plate from different
processes. It was resulted from the scan of the plate cross-section, from center to margin, with ASPEX
explorer. It could be found that the inclusions that are >10 μm are concentrated in the center. They were
calcium aluminate with high melting point (CaO·2Al2O3 and CaO·6Al2O3). These inclusions could
become B type stringer inclusions (mainly calcium aluminate) after the hot rolling process, especially
in bulky plate steels. The calcium aluminate with low melting point (12CaO·7Al2O3) was easy to
transform during hot rolling, and this would also become a B type stringer inclusion [23,24].

The large-scale B type non-metallic inclusions distributed along the rolling direction in the steel
plate would severely damage the serving performance of steel. In the regular plate without RE, the size
of most of the inclusions is between 1 and 5 μm and they are distributed evenly. The number of
inclusions of size in 5–10 μm is 45, slightly less than that of 87 in 1–5 μm. The size distribution in
5–10 μm is more uniform. The number of inclusions >10 μm is 5, with a bad distribution, especially
in the thickness direction. The number of inclusions in plate produced from LF refining with RE
addition is 208. The inclusions are evenly distributed through thickness direction. There are only
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48 RE inclusions, and the rest are calcium aluminate inclusions. The RE inclusions in a plate produced
from RH refining with RE addition are clearly increased. All the inclusions are the mixture of RE and
calcium aluminate.

Figure 3. Size distribution of inclusions in structural steel. ((a) inclusions in regular structural steel
without RE; (b) inclusions in structural steel from LF refining with RE addition; (c) inclusions in
structural steel from RH refining with RE addition).

The quantity of RE inclusions from the LF refining process was less than that from RH refining.
The main reason for this was that the RE content of steel is low in the LF refining process due to the
removal of RE inclusions from the slag. We also found inclusions such as La and Ce, which occasionally
appear alone or coexist together. The composition of the inclusions in structural steel from LF refining
process with RE addition was shown in Table 2. It was also found that there are many Nb precipitates in
the inclusions. When the inclusions contained Nb, there would be no existence of RE in the inclusions
(Figure 4).

Table 2. The composition of the inclusions from LF refining process with RE addition, mass pct.

Element Mg Al S Ca Nb La Ce

Average content 0.4 3.14 1.33 0.75 17.84 5.54 7.9
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Figure 4. Surface scan of inclusion in structural steel from LF refining process with RE addition.

It could be seen that the quantity of RE inclusions from RH refining process is more than that from
LF refining, due to the higher content of RE. The inclusions of RE all coexist together in the inclusions
in the whole bulk of sample. The composition of the inclusions from RH process with RE addition is
shown in Table 3. It was also found that there is no Nb precipitation in the inclusions, and the content
of Al and Mg in the inclusions is also drastically reduced (Figure 5).

Figure 5. Surface scan of inclusion in structural steel from RH refining process with RE addition.

Table 3. The composition of the inclusions from RH refining process with RE, mass pct.

Element Mg Al S Ca Nb La Ce

Average content 0.01 0.005 5.19 0.43 0.00 12.42 18.73
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There is a mechanism of inclusions formation between strong deoxidation elements, and alloying
elements by adding RE in the different refining process. The inclusions from LF refining process
contained aluminum, which shows the reverse phenomenon of the RH refining process. As a robust
deoxidizing element, calcium could attract aluminum oxide to become calcium aluminate inclusions
when RE is not included. This showed that RE also has this ability, like calcium, which could reduce
aluminum oxide inclusions or calcium aluminate inclusions.

From the composition analysis, it was found that the Nb precipitation was remarkably reduced.
The reason for this might be that RE firstly forms inclusions with other nonmetallic elements such
as O and S, which left little chance for Nb to form inclusions during the cooling process. In general,
the Nb is precipitated during the cooling, and forms NbCN. However, there is only a small fraction
of inclusions which can be neglected. The Nb inclusions are all small in size, and would become
the nucleation particles. With the addition of RE, the precipitation of Nb takes place along with
the formation of inclusions. Nb usually coexists with O/S/Ca/Al in LF process with RE addition.
However, this coexistence disappeared in RH process with RE addition. RE, instead of Nb, is presented
in the calcium aluminate inclusions. It could also be observed that the S content was increased in the
inclusions. The reason for this is that the binding capacity was robust between RE and S. Meanwhile,
CaS could also be formed. The temperature of RH is lower than that in the LF process which is more
conducive to the precipitation of sulfide.

There might be another mechanism affecting the formation of RE inclusions. The RE inclusions
formation begin with a nucleation from the oxide and sulfide inclusion with high melting point. The RE
with high activity would be absorbed into that hard core. Moreover, due to the chemical site, there
would be a density difference between the nucleus and the RE atoms, which enhanced the diffusion of
RE to the hard core. This phenomenon contributed to the formation of the oxide and sulfide inclusion
with RE. In addition, the size of inclusion has a relationship with RE aggregation. The more RE present,
the higher the content of the other absorbing element.

3.2. Toughness and Welding Performance

It can be seen from Figure 6 that the impact energy of the plate with RE is approximately 50 J more
than the one without RE. The toughness of the plate with RE from LF process is slightly more than that
from RH process. RE has a positive effect on the toughness of the plate. The product performance can
meet the requirements of high-heat-input welding.

Figure 6. Impact energy of different plate.

The grain sizes of the plate are 8.63 μm (LF with RE), 9.93 μm (RH with RE), and 10.32 μm
(regular plate without RE). The refinement of grain size would increase the toughness of the plate. A
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conclusion can be drawn from Figure 7 that the plate from the LF process with RE at the coarse-grain
area is the finest with a high heat input of 200 kJ/cm. It also can be seen that the grain size of a
regular plate without RE is the largest during the high heat input welding. As for the toughness
performance, the plate with RE from LF process is not very different to that from the RH process.
However, the difference in the grain size is more substantial after the high heat input welding. All
these reasons show that the RE inclusions could induce the intragranular ferrite to refine the grains
to the preferred size (Figure 8). The number of inclusions in the selected format is more than that in
RH process.

Figure 7. Microstructure of different plate in high heat input welding.

Figure 8. Inclusions induce intragranular ferrite to refine the grains.

The type of ferrite is not acicular but quasi-polygonal, more like a lath bainite structure. The grain
is refined by inducing acicular ferrite in the general oxide metallurgy. However, the RE inclusions
changed their structure to quasi-polygonal. In the current welding process, the steel plate would
generate grain boundary ferrite, and coarsening during the high heat input welding. Therefore, we
tried to lessen the effect from grain boundary ferrite to improve the roughness. It was clear that the RE
inclusion induced the quasi-polygonal ferrite to refine the grain, and increased the toughness.

From Figure 9, it is possible to see that the inclusions of RE can induce the intragranular ferrite.
The inclusions produced a depleted manganese zone, a depleted manganese zone would result
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in the formation of the intragranular ferrite. These inclusions of preferable size could induce the
intragranular ferrite and refine the grain size. The intragranular ferrite that they influenced is not
acicular, but quasi-polygonal. The ability to refine the grains of quasi-polygonal ferrite is weaker than
that of acicular ferrite.

Figure 9. Inclusion particle produces depleted manganese area.

4. Conclusions

(1) Regarding the structural steel of 420 MPa plate without RE, most of the inclusions were calcium
aluminate with a high melting point >1873 K (1600 ◦C), and other inclusions were calcium
aluminate with a low melting point <1773 K (1500 ◦C). The most significant inclusions in class B
could reach a size of 180 μm. The addition of RE in the LF refining process found that no low
melting point calcium aluminate inclusions were precipitated. The addition RE in the RH refining
process showed the presence of low melting point inclusion.

(2) The quantity of RE inclusions from the LF process was low. La and Ce inclusions occasionally
appeared alone or coexist together. There is no Nb content in the RE inclusions, and only Nb
mono-precipitates exist. The La and Ce inclusions from the RH process would always coexist
together. Nb precipitation did not appear, and Al was also drastically reduced, while S increased
in the inclusions.

(3) RE has a positive effect on the toughness of the steel plate. The impact energy of the plate with
RE is approximately 50 J higher than for a regular plate without RE. The toughness of the plate
with RE from LF refining is better than that from RH refining.

(4) RE inclusions could induce the intragranular ferrite, and refine the grains to the preferred
size. After the welding at a heat input of 200 kJ/cm, the finest grain size at the heat affected
zone was found in the plate from LF process with RE addition. The microstructure of ferrite
was quasi-polygonal.
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Abstract: Al2O3 nanoparticle-reinforced Al-12Si matrix composites were successfully fabricated
by hot pressing and subsequent hot extrusion. The influence of weight fraction of Al2O3 particles
on the microstructure, mechanical properties, and the corresponding strengthening mechanisms
were investigated in detail. The Al2O3 particles are uniformly distributed in the matrix, when 2 and
5 wt. % of Al2O3 particles were added to the Al-12Si matrix. Significant agglomeration can be found in
composites with 10 wt. % addition of Al2O3 nanoparticles. The maximum hardness, the yield strength,
and tensile strength were obtained for the composite with 5 wt. % Al2O3 addition, which showed an
increase of about ~11%, 23%, and 26%, respectively, compared with the Al-12Si matrix. Meanwhile,
the elongation increased to about ~30%. The contribution of different mechanisms including Orowan
strengthening, thermal mismatch strengthening, and load transfer strengthening were analyzed.
It was shown that the thermal mismatch strengthening has a more significant contribution to
strengthening these composites than the Orowan and load transfer strengthening mechanisms.

Keywords: Al metal matrix composites; microstructure; mechanical properties; strengthening mechanism

1. Introduction

Al metal matrix composites (MMCs) have gained considerable attention as the ideal candidates for
potential lightweight materials used in automobiles and other structural applications because of their
attractive properties, such as low density, high specific stiffness, and superior wear resistance [1–6].
Recently, nano-sized reinforcements have been examined for the fabrication of Al-based composites.
It has been shown that the addition of a small amount of fine ceramic particles improves the strength
significantly [7,8]. Al2O3 particles with high specific stiffness and superior high temperature properties
are used as inert ceramic reinforcement phases in MMCs [9,10]. A large number of studies have
been performed on the fabrication and characterization of nano-sized Al2O3-reinforced Al matrix
composites. Karbalaei Akbari et al. [11] studied nano-sized Al2O3-reinforced A356 alloy with stirring
casting, and agglomerated nanoparticles were observed on dendrites in the fracture surface of the
Al-Al2O3 reinforcement samples. Su et al. [12] fabricated Al2O3 nanocomposites by solid-liquid mixed
casting combined with ultrasonic treatment and demonstrated that the ultrasonic vibration during
the solidification was beneficial to refine the grain structure, and to improve the resulting distribution
of Al2O3 nanoparticle in the matrix. Sajjadi et al. [13,14] showed that decreasing the alumina particle
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size combined with compo-casting process can yield the best mechanical properties for Al-Al2O3

composites. The addition of alumina led to the improvement in yield strength (YS), ultimate tensile
strength (UTS), compression strength, and hardness. However, the poor wettability of Al2O3 with
molten aluminum makes it difficult to achieve a uniform distribution of Al2O3 nanoparticles in the
composite [15].

The results demonstrate that the solidification processes have some advantages such as a wide
selection of materials and range of materials that can be processed. Good matrix-particle bonding, ease
in controlling the microstructure of the matrix, and flexibility in processing are some attractive features.
However, the solidification processes are not suited for the dispersion of fine-sized particles due to
the possibility of the formation of agglomeration. Agglomerate formation is due to the van der Waals
force of attraction, non-uniform particle distribution, and poor wettability at the interface between
metallic and ceramic reinforcements [16–22]. Powder metallurgy (PM) is an alternative fabrication
technique the can yield a uniform distribution of reinforcement and flexibility in reinforcement
composition and design [18–22]. Al matrix composites reinforced with nano- and submicron-sized
Al2O3 particles were prepared by wet attrition milling and subsequent hot extrusion processing
by Tabandeh Khorshid et al. [23]. It has been observed that both the hardness and strength of the
composites increase and reach a saturation before showing a decline upon increasing the volume
fraction of the nanoparticles. Razavi et al. [24] addressed the effect of mechanical milling and
reinforcement nanoparticles on the densification response and the compressibility of aluminum
powder. However, the effect of reinforcement on the strengthening mechanisms are not well illustrated.
To facilitate the development of such composites, it is necessary to fully understand the strengthening
mechanism of nano-sized particle reinforcements in the Al matrix composite. In this paper, the nano
Al2O3 particle-reinforced Al-12Si matrix composites were prepared by powder metallurgy. Al-12Si
alloy was chosen for this study because it is a near eutectic composition with good fluidity that has
been widely used for a variety of industrial applications [25–28]. The influence of the weight fraction
of Al2O3 particles on the microstructure and mechanical properties of Al alloy matrix was studied in
detail. Additionally, the strengthening mechanism operating in these materials was investigated.

2. Materials and Methods

The Al-12Si gas atomized alloy powder (nominal composition of Al-88 wt. % and Si-12 wt. %) was
selected as the matrix material. Al2O3 nanoparticles (d50 ~50 nm) of 2%, 5%, and 10% wt. % were used
as reinforcement. The powders were milled to have a uniform mixture of reinforcement in the Al-12Si
matrix. Milling was performed in a planetary ball mill (Retsch, Haan, Germany) under an argon
atmosphere at room temperature for 2 h. The milling speed and ball to powder ratio were 150 rpm and
10:1, respectively. Consolidation (hot pressing) of the homogeneously mixed powders were carried out
using hardened steel dies. Samples with a diameter of 10 mm and a height of 10 mm were hot pressed
using the following parameters: load—600 MPa, temperature—673 K, and time—15 min. The samples
were subsequently hot extruded with a pressure of ~800 MPa at 673 K, and the extrusion ratio was
6:1. As a result, 4-mm diameter rods were obtained after hot extrusion. For comparison, a monolithic
Al-12Si matrix alloy (without reinforcement) was also fabricated by the same method.

For metallographic observation, the samples were prepared using conventional grinding and
polishing techniques (from 200 grit to 4000 grit papers and then cloth polishing using diamond paste).
The samples were then etched in 0.5% Hydroflouricacid (HF) solution. The microstructure of the
composites were characterized by optical microscope (OM) and scanning electron microscope (SEM,
Gemini1530 Zeiss) - (Carl Zeiss AG, Oberkochen, Germany). The structural characterization was
performed by X-ray diffraction using D3290 PANalytical X’pert PRO (Almelo, The Netherlands)
equipped with Cu-Kα radiation. Hardness measurements were carried out using a Vickers
micro-hardness (Schimadzu, Dusiburg, Germany) tester at a constant load of 200 gf for a dwell
time of 15 s. Tensile tests were carried out using an Instron-5869 device (INSTRON GmbH, Darmstadt,
Germany) at a rate of 0.5 mm/min, and the strain was calculated using a laser extensometer. The
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tensile test samples (according to American Society of Testing and Materials (ASTM) standard: ASTM:
E8/E8M–13a) were cylindrical tensile bars with a total length of 52 mm that were machined from the
extruded samples. The dimensions along the gauge length of the tensile bars were: length—17.5 mm,
diameter—3.5 mm, and 4 mm around the grips. Three nominally identical specimens were tested to
obtain the average values.

3. Results

3.1. Microstructure Analysis and Phase Identification

SEM micrographs of monolithic Al-12Si and Al-12Si/Al2O3 nanocomposites are shown in Figure 1.
The extruded sample in Figure 1a reveals that the eutectic Si (~20 μm) is uniformly distributed in
the Al matrix. Figure 1b,c show the microstructure of the composites as a function of the increasing
content of Al2O3 particles. It can be observed from Figure 1b,c that the Al2O3 particles have a relative
homogeneous distribution without significant agglomeration of the particles. When the reinforcement
content reaches 10 wt. %, the agglomeration of the Al2O3 particles is quite evident (Figure 1d).
The degree of Al2O3 agglomeration varies randomly throughout the samples, as marked in the
Figure 1d, which may lead to the formation of defects such as pores and may act as stress concentrators,
thereby hampering the overall properties of the composites. The high magnification image in Figure 2a
shows the presence of agglomeration in the Al-12Si/Al2O3 (10 wt. %) nanocomposite. The energy
dispersive spectrum analysis (Figure 2b) shows that the small particles within the agglomeration
consist mainly of Al and O and the ratio is close to that of Al2O3. Since the nanoparticles have high
surface energy due to the high surface to volume ratio, the nanoparticles tend to stick with each other
and form agglomerates. Hence, the agglomerates increase with greater additions of the nanoparticles
(in excess), resulting in an uneven distribution of the reinforcement in the matrix. Nevertheless,
no visible flaws or pores were observed at the Al2O3/Al interface.

 

Figure 1. Scanning Electron Microscopy (SEM) images of hot extruded Al-12Si/Al2O3 nanocomposites
with (a) 0, (b) 2, (c) 5, and (d) 10 wt. % reinforcement.

Figure 3 shows the XRD pattern of the composites reinforced with different contents of Al2O3.
As observed, the samples mainly consist of three phases: (1) the Al matrix phase; (2) the Si phase from
the matrix; and (3) the Al2O3 phase from the reinforcement. The diffraction peaks of the Al phase
show the highest intensity because of their weight fraction in the composite. At 2 wt. % Al2O3 content,
the diffraction peaks of v are hard to observe in the XRD pattern due to their low intensity. When the
Al2O3 content increases to 5 wt. %, the small diffraction peaks of the Al2O3 phase are visible, and
their intensity increases when the Al2O3 content is increased to 10 wt. %. No other visible peaks were
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observed, suggesting that there is no additional phase formed between the (Al-12Si) matrix and the
(Al2O3) reinforcement.

Figure 2. Scanning Electron Microscopy (SEM) image and Energy Dispersive Spectroscopy (EDS)
analysis data for Al-12Si/10 wt. % Al2O3 nanocomposite in the as-extruded condition.

Figure 3. XRD analysis of Al-12Si/Al2O3 nanocomposites with (a) 0, (b) 2, (c) 5, and (d) 10 wt. %
addition of Al2O3 reinforcement.

3.2. Physical and Mechanical Properties

Both the theoretical and experimental densities for all composite samples are listed in Table 1.
The theoretical density of the composites are calculated using the rule of mixtures. High relative
densities are achieved for all composites, indicating a good interface between the Al-Si matrix and the
Al2O3 reinforcement. The relative density for the composite with 10 wt. % Al2O3 decreases slightly
due to the agglomeration of Al2O3 particles, which leads to the presence of some pores.

Table 1. Density of the as-extruded Al-12Si/Al2O3 nanocomposites.

Weight Percent of Al2O3 (%) Theoretical Density (g/cc) Measured Density (g/cc) Relative Density (%)

0 2.61 2.60 99.6
2 2.63 2.61 99.2
5 2.66 2.64 99.5
10 2.70 2.65 98.1

Figure 4 shows the Vickers hardness data for the Al-12Si/Al2O3 nanocomposites. The matrix
shows a hardness value of 72 ± 1 HV0.2, which increases to 77 ± 1 HV0.2 (a change of ~5 HV0.2)
when 2 wt. % of Al2O3 reinforcement is added to the matrix. The composite reinforced with 5 wt. %
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Al2O3 nanoparticles shows a higher hardness (80 ± 1 HV0.2) compared to the other systems. With a
further increase in the weight percentage of Al2O3 nanoparticles (to 10 wt. %), the composites show
a decrease in the hardness value compared to the former ones due to the porosity and irregularities
generated by the agglomeration of nanoparticles. Al2O3 nanoparticles dispersed uniformly in the
Al-12Si alloy may significantly improve their hardness properties compared to the base alloy. The hard
Al2O3 nanoparticles in the Al matrix act as barriers to the motion of dislocations generated in the
matrix and the higher particle density causes Orowan mechanism. However, an increased addition of
nanoparticles leads to agglomeration of the reinforcement, resulting in an increased level of porosity
in the material and a subsequent degradation of the hardness values.

Figure 4. Vickers hardness measurements of Al-12Si/Al2O3 nanocomposites produced by the hot
extrusion method.

Figure 5 shows the room temperature tensile stress-strain curves of the nanocomposite, and their
properties are summarized in Table 2. It can be observed that the addition of Al2O3 significantly
improves the yield strength (YS), ultimate tensile strength (UTS), and elongation of the Al-12Si matrix
up to 5 wt. % Al2O3 addition. This is due to the good dispersion and strong interfacial bonding
between the Al-12Si matrix and Al2O3 reinforcement. The YS, UTS, and elongation of the Al-12Si
matrix in the as-extruded condition is found to be 198 MPa, 228 MPa, and 23%, respectively. Adding
2 wt. % of Al2O3 changes the YS, UTS, and elongation to 228 MPa, 256 MPa, and 24%. With further
increasing the Al2O3 addition to 5 wt. % the YS increases to 245 MPa, UTS to 286 MPa, and ductility
to 30%. The YS and UTS of the composite drops (to 195 MPa and 221 MPa, respectively) when the
reinforcement content reaches 10 wt. %. In summary, the composite reinforced with 5 wt. % Al2O3

nanoparticles shows higher YS and UTS compared to the base alloy and composites reinforced with
varying percentages of Al2O3 nanoparticles considered in this study.

Table 2. Tensile properties of the as-extruded Al-12Si/Al2O3 nanoparticle-reinforced composites.

Weight Percent of Al2O3 (%) Yield Strength (MPa) Ultimate Tensile Strength (MPa) Elongation (%)

0 198 ± 2 228 ± 2 23 ± 2
2 228 ± 2 256 ± 3 24 ± 2
5 245 ± 2 286 ± 3 30 ± 3
10 195 ± 2 221 ± 2 19 ± 1

Figure 6 shows the tensile fracture surfaces of Al-12Si/Al2O3 nanocomposites. It can be observed
(Figure 6a) that the fracture mode of the matrix Al-12Si alloy is predominantly ductile with several
dimples all over the surface. As shown in Figure 6b, 2 wt. % nano Al2O3-reinforced composite also
displays dimples like the matrix Al-12Si alloy, except that the length scale of the dimples are different.
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Similarly, composites with 5 wt. % Al2O3 also show the presence of dimples again at different length
scales than the 2 wt. % Al2O3 composite and Al-12Si-based alloy. When the Al2O3 content is increased
to 10 wt. % (Figure 6d), both the number and size of the dimples decrease significantly, leading to
a relatively brittle type of failure. Some defects such as cracks and segregation are observed on the
fracture surface (along the neighborhood of the Al2O3 reinforcement particles), which also limits both
the strength and ductility of the composites. The segregation/agglomeration will prevent an effective
bonding between the reinforcement and the matrix and may lead to further defects such as cracks
in the composites, and these cracks will inevitably leads to a premature failure of the composites.
In addition, the agglomeration/clustering of the reinforcement particles can cause the presence of
increased porosity in the composites [29].

Figure 5. The tensile true stress-true strain curves of Al-12Si/Al2O3 nanocomposites produced by the
hot extrusion method.

 

Figure 6. Fracture morphologies of the as-extruded Al-12Si/Al2O3 nanocomposites after room
temperature tensile tests.
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3.3. Strengthening Mechanism

Unlike tensile strength, yield strength usually shows less dependency on the presence of the stress
concentrations in the composites. Therefore, yield strength is more representative of the discussion of
the strengthening mechanisms [30]. The strengthening mechanisms operating in the Al-12Si/Al2O3

nanocomposites mainly include the load transfer mechanism, Orowan strengthening mechanism, and
thermal mismatch enhancement mechanism. These three mechanisms operate simultaneously [31–33].
The most accepted strengthening mechanism is the direct strengthening mechanism, also known as
load transfer mechanism. The strengthening of the composites takes place due to the transfer of load
from the weaker matrix to the harder reinforcement through their interface, as proposed by Nardon
and Prewo [34].

Δσload = 0.5 f σm (1)

where σm is the yield strength of the matrix (MPa), and f is the volume fraction of Al2O3 particles.
According to Equation (1), the effect of load transfer is calculated and is given in Table 3. The Orowan
strengthening mechanism is very important in metal matrix composites, if the reinforcement particles
are fine and the inter-particle spacing is not large. Incremental yield strength of the composite caused
by Orowan stress of the Al2O3 particles may be expressed as [35,36]:

Δσorowan =
0.538Gmb

√
f

d
ln

d
2b

(2)

where Gm is the shear modulus of the matrix.

Gm = GAlVAl + GSiVSi (3)

where GAl=27 GPa, GSi= 66.8 GPa, B is the Burgers vector of the matrix, b = ((1.414/2) × 0.286 nm) =
0.202 nm, and d and f are the diameter and volume fraction of Al2O3 particle, respectively. This effect
is calculated and the results are given in Table 3. As shown in Table 3, the higher the Al2O3 content,
the greater the effect of the Orowan mechanism. When a composite is subjected to thermal changes,
then the difference in their coefficients of thermal expansion (CTE) between the matrix and reinforced
particles will produce a thermal strain and internal stress state changes. In order to accommodate
this thermal mismatch effect, dislocations are generated around reinforced particles within the matrix
to reduce the stored energy. The magnitude of thermal strain determines the density of dislocations
generated within the composites. The increased dislocation density within the matrix leads to the
strengthening of the composite. In this study, the large discrepancy of thermal expansion coefficients
between the Al2O3 (7.85 × 10−6/K) and the Al-12Si matrix (20.96 × 10−6/K) generate dislocations
in the Al matrix. The improvement in yield strength from thermal mismatch can be calculated using
Equation (4) [37–39]:

ΔσCTE =
√

3aGb
√

ρCTE (4)

where a is a constant, a = 1. ρCTE is the dislocation density caused by CTE differences, and can be
described as follows:

ρCTE =
12ΔαΔT f
bd(1 − f )

(5)

where α is the CTE difference between the matrix and the reinforcement, T is the temperature
difference between the testing temperature and room temperature. This strengthening effect is also
shown in Table 3. These strengthening mechanisms are additive, and the total yield strength of the
composite could be considered as the sum of different mechanisms rather than the contribution of a
single one. In its simplest form, the superposition of the individual strengthening mechanisms may be
carried out linearly.

ΔσC = ΔσLoad + ΔσOrowan + ΔσCTE (6)
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Table 3. Contribution of different strengthening mechanisms on the yield stress of Al-12Si/Al2O3

extruded nanocomposites.

Weight Percent of Al2O3 (%) �σLoad (MPa) �σOrowan (MPa) �σCTE (MPa) �σC (MPa)

2 1.50 3.85 27.94 33.19
5 4.14 6.13 42.47 52.74
10 6.65 8.75 53.49 68.89

The individual contributions of the described three mechanisms to the yield strength of the
composite calculated from Equations (1)–(4) are listed in Table 3 as a function of the weight percentage
of Al2O3 nanoparticles. The presented data show that the effect induced by thermal mismatch
strengthening (σCTE) makes the largest contribution to the yield strength improvement. The strength
increments resulting from the load transfer (σLoad) and Orowan strengthening (σOrowan) are very
similar and are much lower. Figure 7 shows the variation of experimental YS and the theoretical values
calculated using Equation (6). The total improvement from the multiple strengthening mechanisms for
yield strength is ~30 MPa and 45 MPa, and the predicted values of the yield strength for the composites
are ~33 MPa and 53 MPa, respectively, for the composites with 2 and 5 wt. % Al2O3 addition.
This shows that the experimental and theoretical values are very close and hence the strengthening
mechanisms based on load sharing, Orowan mechanism, and thermal mismatch strengthening are
expected to play a role in these composites. The small discrepancy between the experimental and
theoretical values may arise from the defects (such as porosity, agglomeration, and impurities) present
in the samples. A large discrepancy was observed for the composite with 10 wt. % Al2O3 as
reinforcement, which was mainly caused by the profound agglomeration of the reinforcement in
the composite.

Figure 7. Comparison of the strengthening effect in the as-extruded Al-12Si/Al2O3 nanocomposites
between experimental observation and calculated theoretical values.

4. Summary

In this study, Al2O3 nanoparticle-reinforced Al-12Si composites were prepared by hot pressing
and subsequent hot extrusion. The microstructure, mechanical properties, and the strengthening
mechanisms were investigated in detail. The conclusions are as follows:

(1) The composites reinforced with 2 and 5 wt. % Al2O3 nanoparticles exhibited relatively
homogeneous distribution, while the microstructure of the composites with 10 wt. % reinforcement
exhibited agglomeration of the Al2O3 particles in the matrix.

(2) The hardness of the composites increased first (for 2 and 5 wt. % reinforcement) and then
decreased (for 10 wt. % reinforcement). The strength of the composites also displayed similar trends
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to that of the hardness. The maximum values were obtained for the composites with 5 wt. % Al2O3.
The YS, UTS, and the elongation were 244 MPa, 286 MPa, and ~30%, respectively, with 5 wt. % Al2O3

addition, which showed an increase to about ~23%, 26%, and 30%, respectively, compared with the
Al-12Si matrix alloy.

(3) The strengthening mechanism analysis shows that the yield strength of the composites
increased mostly because of the thermal mismatch enhancement mechanism compared to the other
two strengthening mechanisms (load transfer and Orowan strengthening).
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Abstract: The precipitation process and reaction kinetics during artificial aging, precipitate
microstructure, and mechanical properties after aging of AlMgSi alloys were investigated employing
in-situ electrical resistivity measurement, Transmission Electron Microscopy (TEM) observation,
and tensile test methods. Three aging stages in sequence, namely formation of GP zones, transition
from GP zones to β” phase, transition from β” to β′ phase, and coarsening of both phases, were clearly
distinguished by the variation of the resistivity. It was discussed together with the mechanical
properties and precipitate morphology evolution. Fast formation of GP zones and β” phase leads
to an obvious decrease of the resistivity and increase of the mechanical strength. The formation
of β” phase in the second stage, which contributes to the peak aging strength, has much higher
reaction kinetics than reactions in the other two stages. All of these stages finished faster with higher
reaction kinetics under higher temperatures, due to higher atom diffusion capacity. The results
proved that the in-situ electrical resistivity method, as proposed in the current study, is a simple,
effective, and convenient technique for real-time monitoring of the precipitation process of AlMgSi
alloys. Its further application for industrial production and scientific research is also evaluated.

Keywords: aluminum alloys; aging; precipitation; electrical resistivity; mechanical properties

1. Introduction

The light weighting features of the precipitation hardened AlMgSi aluminum alloys trigged
tremendous investigation interest in recent years [1–5]. The precipitation behavior during the heat
treatment process plays a decisive role in final performance of the AlMgSi alloys. Properties of
these alloys, e.g., workability, mechanical strength, electrical conductivity, corrosion resistance etc.,
are greatly determined by the phase type, morphology, size distribution, and number density of
their precipitates [1,3,6–9]. Therefore, a deep understanding of the precipitation behavior during the
artificial aging process is crucial.

Significant achievements in the characterization of the precipitation behavior of AlMgSi alloys
have been reached since the end of last centenary, with the assistance of advancing technologies,
like High Resolution Transmission Electron Microscopy (HRTEM) [5–7,10–13], Atom Probe
Tomography (APT) [1,13–17], Differential Scanning Calorimetry (DSC) [18–20], electrical resistivity
measurements [21–26], Phase Field Crystal (PFC) modeling [4,24], etc. The precipitation sequence
has been established and gradually accepted as: supersaturated solid solution (SSSS)→clusters/GP
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zones→β”→β′→β [27]. The clusters/GP zones are the early stage precipitates with size of several
nanometers, usually formed during natural aging or first minutes of artificial aging process. β” and
β′ phases are formed in the artificial aging process before over ageing. β is the final stable phase.
The AlMgSi alloys are usually strengthened by the meta-stable phases. However, debates in this
field still remain. For example, detailed crystal structure and composition of the meta-stable phases,
precipitation kinetics that is quite related to the natural aging effect, quantitative characterization of
the precipitates is under debate [13–16]. The atomic structure and evolution of the early clusters are
ambiguous yet [5–7]. Characterization accuracy and effectiveness are still dependent on the methods.
Therefore, the investigation on the details of the precipitation process is still in progress.

Recently reported investigations proved that the electrical resistivity measurement method is
feasible and convenient for quantitative analysis of the reaction kinetics and precipitate volume
fraction in AlMgSi alloys [21,25,26]. When compared to the TEM, APT, and DSC techniques, its merits
are: (i) it is sensitive due to the high sensitivity of resistivity to even atomic-scale changes of the
microstructure, such as solution atoms, defects, precipitates; (ii) there are no need of complicated
sample preparation or sophisticated equipments like TEM system; and, (iii) samples used are much
larger than those for HRTEM, APT or DSC, so that the accuracy would be better [26]. The existing
resistivity investigations of AlMgSi alloys were mostly conducted after aging and samples were
immersed in liquid nitrogen to keep a constant temperature during testing [21–26]. This would cause
time interval between the precipitation and the measuring, including the heating and cooling process.
Some information about the evolution of the precipitates would be missing, due to the high time and
temperature sensitivity of the precipitation in AlMgSi alloys. Transients experienced by the sample
also require serious attention, especially when the heating and cooling rates fluctuates.

In the present study, we proposed an in-situ electrical resistivity measuring method, which is much
easier and of higher efficiency, for the real-time monitoring of the precipitation behavior of AlMgSi
alloys. The sample temperature and electrical resistivity was continuously measured during the whole
thermal course from quenching to natural or artificial aging. By this method, details of the precipitation
process were analyzed. The relationship between the precipitation-induced resistivity variation during
the artificial aging process, mechanical properties after aging, microstructure evolution, and the
precipitation behavior was investigated. The industrial and scientific application feasibility of the
proposed in-situ electrical resistivity measurement method for describing the precipitation behavior of
the AlMgSi alloys was evaluated.

2. Materials and Methods

6063 aluminum profiles with composition of 0.55Mg-0.43Si-0.20Fe-0.001Cu-0.001Mn-0.004Cr-
0.01Ti-banance Al (wt %) were used as raw materials. After extrusion, the profiles were immediately
quenched from 530 ◦C to room temperature by the water spray system on the profile extruding
machine. Then, they were stored for one month before conducting artificial aging. 150 ◦C, 175 ◦C,
and 195 ◦C were selected as low, medium, and high artificial aging temperatures, which can also be
considered as representative of the temperatures in industrial production.

Electrical resistance was measured during the whole artificial aging process, on 4 × 35 × 150 mm
sheet samples cut from the profiles, by a four-point probe system, as shown in Figure 1. Four pure
aluminum wires with 0.6 mm in diameter and 1000 mm in length were used as the probes. The probes
were spot welded on the sample surface. For consistency, the welding voltage was kept constant to
obtain solder points with the same size. A constant current of 100 mA was applied to the sample by the
outside two probes. The resulting potential (in the scale of nano-volt) was measured by the inner two
probes and recorded by a counting computer. Then, the sample resistance R under the testing distance
was calculated by the relationship of R = U/I, where U and I stands of voltage and current respectively.
Sample temperature was measured by a thermocouple inserted into a hole with diameter of 1.2 mm
drilled on the sample surface. Microstructure and precipitate morphology of samples after aging were
investigated through transmission electron microscopy (TEM) and high resolution TEM (HRTEM)
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observations. Specimens for TEM were first mechanically grinded to about 100 μm in thickness and
then further thinned by twin-jet electro-polishing with a solution of 30 vol % nitric acid and 70 vol %
methanol at −20 ◦C, 24 V and 80 mA. TEM observations were performed on a Tecnai F20 TEM system
(FEI, Hillsboro, OR, USA) operated at 200 KV. To verify the consistency of the results, at least ten spots
in different crystal grains were analyzed for each specimen. Mechanical strength and elongation of
samples after aging were measured by uniaxial tensile testing, according to ASMT standards E8M-09.
Standard dumbbell-type tensile specimens with gauge length of 60 mm and width of 10 mm were used.
Tests were performed on an INSTRON-3382 tensile testing machine (Instron, Norwood, MA, USA)
with a stretching speed of 1 mm/min. For each aging situation, three specimens were tested in order
to verify the tensile results were in consistence.

Figure 1. A sketch of the experimental set up for resistance measuring of the sample.

3. Results

3.1. Resistance and Resistivity

The real-time measured electrical resistance and sample temperature during the whole artificial
aging process are shown in Figure 2. As shown in Figure 2a, the resistance sharply increased upon
heating, and drastically decreased during cooling, a behavior that was caused by the temperature effect
on the aluminum alloy matrix. After the aging temperature reached the pre-set value, the resistance
gradually decreased as aging time was prolonged. During the aging process, the sample temperature
was kept stable, as shown by Figure 2b.

Figure 2. Resistance and sample temperature measurement results: (a) variation of the resistance
during the whole aging process; and (b) sample temperatures during the whole aging process.

The real resistivity of the samples was calculated from the measured resistance and sample size
values. The recorded resistance R comprises the system resistance of the instrument R0, contact resistance
between the probes and sample Rc, and the real resistance of the sample Rs, as R = R0 + Rc + Rs. When the
temperature reaches the pre-set value, the R0 and Rc can be considered to be constant. At a fixed
temperature, the sample resistance Rs is proportional to the testing distance: Rs = ρsL/A, where ρs is the
resistivity, L is the testing distance (namely the distance between the inner probes), A is the cross-sectional
area of the sample. By varying the distance at the end of the aging process, series of total resistances R
were obtained which should be proportional to the testing distances. Therefore, the fixed R0 and Rc value
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can be extracted from the intercept of linear fitting of the resistance values measured on different distances,
as shown in Figure 3. By subtracting the R0 and Rc from R, the Rs was obtained. Then, the resistivity value
was calculated using the expression ρs = Rs × A/L.

Figure 3. Resistance value of the samples R at the end of aging process measured on different distances
and their linear fittings.

The variation of the resistivity with the aging time (in this case, the aging time is set as zero when
the sample temperature reached the pre-set value) under different aging temperatures is shown in
Figure 4. The electrical resistivity values are around several dozens of nΩ·m, which is in the same order
of magnitude of those reported in the literature [24,25]. The resistivity of the samples continuously
decreases with aging time, as in the case of the resistance value. By plotting the resistivity versus
the logarithmic scale of the aging time, the curve was divided into two or three parts. In each part,
the resistivity decreases linearly with the logarithmic scale of aging time, which has also been found
in other studies [23,26]. In this way, the whole precipitation process was separated into two or three
stages. It reflects that two or three different precipitation reaction types occurred. It can also be seen
that these stages end at a different aging time. When the aging temperature is 195 ◦C and 175 ◦C,
the first stage ends within 0.5 h and 1 h, respectively, while for 150 ◦C, it is prolonged to about 5 h.
When the aging temperatures are 195 ◦C and 175 ◦C, the end of the second stage is after 4 h and 11 h,
respectively. The end of the third stage, which seems to occur after a long time, is not clearly observed
in the present study since the experimental aging time was limited to 60 h. Nevertheless, it can be
easily concluded that, as expected, the sequence of reactions is faster when the temperature is higher.

Figure 4. Variation of the resistivity of the samples with aging time under different temperature.

The derivative of the resistivity to the aging time, which would reflect the precipitation reaction
rate, is shown in Figure 5. The figure shows that the reaction rate continuously decreases. When the
aging temperature is 195 ◦C or 175 ◦C, the initial fast decrease in resistivity during the first stage,
which comes at completion within several hours, is followed by a slower decrease in the second stage.
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The inflection point in the curves distinguishes the transition between the first and the second stages
(4–6 h for 195 and 12–14 h for 175 ◦C, respectively). Such an obvious inflection point is not observed
in the curve for 150 ◦C. The higher the aging temperature, the faster the initial decrease in resistivity.
These phenomena should all be related to the precipitation type and reaction kinetics.

 
Figure 5. Differentiation of resistivity to aging time under different aging temperature. The inset figure
is a magnified picture of the curve for samples aged at 150 ◦C.

3.2. Mechanical Properties

The relationship between the mechanical properties of the samples and aging temperature and
time is shown in Figure 6. The tensile and yield strength firstly increase sharply with the aging time,
and then reach a plateau at a maximum value, which is called peak aging strength. A slight decrease
of the strength is observed for samples aged at 195 ◦C when aging time exceeds 4 h, which is called
over aging phenomenon [28]. The time required for reaching the peak aging status, at the time when
the strength reaches the maximum [28], is shorter when the aging temperature is higher (4 h for 195 ◦C,
11 h for 175 ◦C, and 36 h for 150 ◦C, designated as the peak aging time). The elongation values of the
samples show continuous decrease in all the cases. It is also observed that the peak strength is higher
when the aging temperature is lower, for example, the maximum tensile strength for samples aged
at 150 ◦C reaches 231 MPa, while it is 209 MPa for those aged at 195 ◦C. These phenomena should
all be related to the precipitation rate, phase type, number density, and size of the precipitates in
the matrix [14,16,17], which have obvious different strengthening effects. This would be discussed
together with the evolution of the microstructure of the precipitates.

 
Figure 6. Relationship between the mechanical properties of the samples, aging temperature and aging
time (a) tensile strength; (b) yield strength; and, (c) elongation.
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3.3. Microstructure of Precipitates

The morphology of the precipitates in the samples after different stages of artificial aging were
investigated by TEM. Representative bright field TEM and HRTEM images taken along the <100>Al
zone axis are shown in Figure 7. Precipitates were all found to grow along <100> direction of Al
matrix. For naturally aged samples without artificial aging, no evidence of large precipitates was found,
as shown in Figure 7a. For artificially aged samples under different aging conditions, three kinds of
precipitates were observed: spherical GP zones, needle-like β” phase, and rod-like β′ phase, as shown
in Figure 7b–f. In the sample not artificially aged, very small clusters is believed to exist in the
matrix since the raw materials have been stored for one month, during which the materials must have
undergone natural aging [12,21–24]. But, their total morphology is hard to be observed by ordinary
TEM images in samples with such low alloy composition, and also due to their small size (around
1–3 m) and highly coherence with the matrix [1,2,10,11]. They are identified by their white contrast in
the HRTEM images, as shown in Figure 7f. GP zones were observed to have spherical morphology
and size of 3–5 nm in short time artificially aged samples. They can be seen also only in the HRTEM
images. But, it was much easier since they have a little larger size and number density. Examples
were shown by Figure 7b,g for the sample which has been aged at 175 ◦C for 1 h. The β” phase and β′

phase were distinguished by their needle-like and rod-like morphology, respectively, and different
contrast surroundings in the matrix, as described in the literature [3,11]. This was further verified
by their monoclinic and hexagonal crystal structure, respectively [11], identified by HRTEM images,
as shown in Figure 7h, taken from the sample aged at 175 ◦C for 24 h.

The phase type, size and number density evolution of different precipitates with artificial aging
time at different temperatures were clearly reflected by the TEM images. After very short time of
artificial aging at each selected temperature, also described as stage 1 in Figure 4, the precipitation
process starts with the formation of GP zones and the beginning of transformation from GP zones to β”
phase. A typical image is presented in Figure 7b for the sample aged at 175 ◦C for 1 h. A large amount
of GP zones and a little trace of β” phase with length of about 20 nm were observed. As aging proceeds,
the GP zones totally transformed to β” phase. When the aging time prolongs to the peak aging status,
also in the time range described as stage 2 in Figure 4, the β” phase gradually coarsened. The length
of the β” phase particles in peak aged samples increased to 40–120nm, as shown in Figure 7c, for the
sample aged at 195 ◦C for 3 h. The total number density of the precipitates also increased with aging
time. It was verified by comparing TEM images for samples aged at the same temperature but for
different aging times, the number density of β” phase is obviously increased as the aging time increases.
After the peak aging time at 175 ◦C and 195 ◦C, described as stage 3 in Figure 4, the length of some
precipitates abnormally reached several hundreds of nanometers, and the morphology of precipitates
became inhomogeneous, as shown in Figure 7d, for the sample aged at 175 ◦C for 24 h. β′ phase also
starts to form. However, it is interesting to find that when aging temperature is 150 ◦C, the length of β”
phase still stays at the level of 15–30 nm, even when the aging time reaches 36 h, as shown in Figure 7e.
The small β” phase is homogenously distributed, and no β′ phase is found. This indicates that aging
at lower temperature, 150 ◦C for example, has much lower coarsening and β′ phase formation kinetics.

It can be summarized from the TEM results: (i) GP zones form quickly at the early stage of
artificial aging process; (ii) for peak-aged samples, the β” phase is the main precipitate; (iii) as the aging
processes, the number density of precipitates increases obviously; (iv) raising the artificial temperature
promotes growth of the precipitates and formation of β′ phase; and, (v) the transformation from β”
phase to β′ phase is harder to occur at low temperature (150 ◦C) than at higher temperature (175 ◦C
or 195 ◦C).
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Figure 7. TEM images of the microstructures of selected samples aged at different temperatures and
aging times: (a) naturally aged (NA) sample without artificial aging; (b) 175 ◦C for 1 h; (c) 195 ◦C for
3 h; (d) 175 ◦C for 24 h; (e) 150 ◦C for 36 h; and, (f–h) HRTEM images taken from (a,b,d), respectively.

4. Discussion

All of the experimental results in present study confirmed the same precipitation sequence
of AlMgSi alloys, as reported in the literature [27], which was either indirectly reflected in the
resistivity measurement results and mechanical properties, or directly observed during the TEM
analysis. This sequence is obviously related to the precipitate phase type, particle size, and reaction
kinetics, since different precipitates contribute to the electrical resistivity and strengthening effect in a
markedly different manner [21,25]. Therefore, the evolution of these precipitates during the whole
artificial aging process, and the consistency of the experimental results will be discussed.

4.1. Precipitation and Phase Transformation Process

The precipitation and phase transformation process was well revealed by the resistivity variation
curves, mechanical strength, and microstructure evolution. The whole artificial aging process is clearly
divided into three stages, as reflected by Figure 4. Precipitate type and morphology, size, density etc.
evolve in sequence, with typical characters as shown in Figure 7.

Formation and transition of the precipitates accounts for the variation of electrical resistivity.
At the quenched and naturally aged state, the solute atoms exist in the matrix or in the form of
clusters (consisted of several atoms), which have different electronic surroundings to the Al atoms,
act as serious scattering centers for electron conducting. But, when precipitation occurs, the solute
atoms were accumulated to form much larger precipitates. In this way, their electron scattering
effect was weakened. Larger precipitates also affect the electron conduction, but it is not so obvious
as clusters or solute atoms. As the precipitates grow up, their nearby distance becomes larger.
In this way, it provides more convenient pathway for electron conduction and further decreases
the resistivity [21–25]. Therefore, the sample has the highest electrical resistivity in the original state.
As artificial aging begins, GP zones form quickly from solute atoms or clusters (as shown in Figure 7b),
which leads to obvious decline of the resistivity. Therefore, the first stage in Figure 4 is characterized
by the formation of GP zones. As aging further proceeds, GP zones, which are also considered as
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the pre-phase of β” [1,8,13,27], transforms to the needle-like β” phase. Since the size of β” phase
(at least 20 nm in length) is much larger than that of GP zones (2–5 nm in diameter), the total number
of the precipitates decreases. This process further reduces the electrical resistivity. This process
continues to the peak aging status, since the main precipitate is β” phase for peak aging samples,
as shown in Figure 7c. Thus, the second stage in Figure 4 is assigned to transition from GP zones to
β” phase. As the aging time is prolonged to the third stage, the rod-like β′ phase starts to precipitate
by consuming the β” phase, and both of the β” and β′ phase start to coarsen, as shown by Figure 7d.
The distance between neighboring precipitates is further increased, which would facilitate the passage
of conducting electrons [23,25]. In this way, the coarsening of the precipitates also contributes to decline
of the resistivity. Therefore, the resistivity continuously decreased during the whole artificial aging
process, either by formation or phase transformation and coarsening of the precipitates. But, it is worth
mentioning that the formation of β” phase contribute to most decrease of the resistivity, while other
transitions have not so obvious influence.

The evolution of the mechanical properties of samples after artificial aging is also related to the
formation and phase transition of the precipitates. In the first two stages, the base material is mainly
strengthened by small GP zone and/or β” phase. But, in last stage, the precipitates greatly coarsened.
It weakens the dislocation-particle interaction, and thus reduces the effectiveness of their strengthening
effect [29,30]. At the early aging status, the precipitate sizes remain very small. The movement
of dislocations when encountering precipitate obstacles is mainly in the shearing mode, which has
excellent strengthening effect. The larger the amount of fine β” phase the sample contains, the higher
its strength. It shown consistently by the mechanical strength curves and TEM images, as the amount
of fine β” phase increased (before reaching peak-aging), the strength gradually increases. This accounts
for the fact that the samples aged at 150 ◦C, i.e., in a condition that results in large amount of fine
β” phase, exhibit the highest peak strength. If the precipitates size (namely the aspect ratio) reaches
and exceeds the critical particle radius, the dislocation movement transforms from the shearing to
the bypassing mode, which has not so strong strengthening effect. Although the total number of
precipitates increases, coarsening of the precipitates makes the dislocation by-pass easier. Therefore, for
samples at the plateau or over-aged status, their strength increases not so obviously, or even decreases.

The evolution of the resistivity, strength, precipitate type and size shows an extremely good
consistence. The fast increase in the strength-time curves corresponds to stage 1 and 2 in resistivity
variation curves, during which GP zones form and then transform to β” phase. The plateau in
strength curves implies the aging process is in stage 3, in which transition of β” phase to β′ phase and
coarsening of both phases take place.

4.2. Precipitation Kinetics

The precipitation and phase transformation in AlMgSi alloys are atomic diffusion-controlled
reaction. The atom diffusion is largely assisted by the spare vacancies, either reserved from quenching
or intentionally designed [1,6,12–15,17]. Thus it is obviously driven by vacancy diffusion [1,6,12–15,17].
Activity of the vacancies greatly influences their diffusion and precipitation reaction kinetics, which
is also related to temperature and the particular reaction. The resistivity curves in the present study
reflect the precipitation kinetics well. Since the stages in the electrical resistivity and mechanical
strength curves correspond to precipitation types, their variation trends stand for different reaction
kinetics. The reaction kinetics is discussed in two situations: (i) for different reaction types at the same
aging temperature; and, (ii) for individual reaction type at different aging temperatures.

The measured resistivity can be expressed by the following equation: ρ = ρ∗ + ∑i ρiCi + ∑j Pj fj,
where the ρ∗ is the resistivity of the Al matrix at the measuring temperature; ρi and Ci are the
specific resistivity and concentration of the ith solution atoms; P and f j is the scattering power and
concentration of the jth precipitate with an average size in the microstructure of pure host metal [26].
The relationship between Ci and f j can be expressed by Ci = Coi − Ni fj, where the Coi and Ni are the
initial concentration of the ith solute atom and its equivalent number in jth precipitate. The precipitation
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process during artificial aging is considered to follow the Johnson-Mehl, Avrami, Kolmogorov (JMAK)
kinetics model [11–13]: fr = 1 − exp(−ktn), where fr is the relative fraction of the precipitate; k is
temperature dependent rate constant; t is the aging time; and, n a numerical exponent for JMAK
relationship. For the solution treated and T4 temper AlMgSi alloys, n is always assigned to be 1 [31–34].
In the present study, the original materials were quenched and then stored in room temperature,
which equaled to the T4 temper, therefore, n is also considered to be 1. The constant k represents
the reaction kinetics, which follows the Arrhenius model: k = ko exp(−Q/RT), where ko, Q, R and
T are the pre-exponential constant, apparent activation energy related to the precipitation process,
the universal gas constant and temperature, respectively [25,26,31,32]. Therefore, by re-arranging
the above relations, the measured resistivity of the sample is found to be in linear relationship to the
logarithmic scale of the aging time for an individual reaction, and the linear fitting slope containing
the origination of k reflects the reaction kinetics.

As shown in Figure 4, the linear decreasing relationship of the resistivity to aging time represents
three types of reactions. The slope of each linear fitting thus reflects the reaction kinetics. It can be seen
that the slope for the second stage, which is attributed to formation of β” phase, is the largest slope for
all the curves. This implies that the transformation from GP zones to β” phase has higher kinetics than
other reactions. In the early state, formation of GP zones is determined by the response of clusters that
contain large amount of solution atoms. Distance between the small clusters is small, and diffusion of
these atoms is rather active, with the assistance of quenched in vacancies. However, it can be either
dissolved into the matrix or acts as the nucleation site for GP zones growth [9,18]. In other words, the
competition between the dissolution and nucleation processes slows down the formation of GP zones.
Once there exists GP zones with size large enough, formation of β” phase occurs fast. Other studies
by DSC have also reported such phenomenon [18]. Therefore, for the first stage, even though the
concentration of the clusters at this moment is pretty high, kinetics for formation of GP zones is lower
than formation of β” phase in the second stage. As the reaction comes to the third stage, the solution
atoms in the matrix may have been all diffused into the precipitates, phase transition from β” to β′

and size growing of the precipitates all depends on the atom diffusion rate without the assistance of
vacancies. Therefore, this speed of this process is lowered down when compared to the formation of β”
phase. It is also observed in Figure 5. The differential of the resistivity to aging time becomes to be
much lower for the last stage. Therefore, the formation of β” phase have the highest kinetics that is
facilitated by both vacancies and existing nucleation sites.

For the same kind of stages aged at different temperatures, the higher the temperature is,
the higher kinetics it has. This is seen by the higher slope of the linear fitting of resistivity in Figure 4 and
sharper variation rate of the derivation of the resistivity in Figure 5. It is much easier to understand that
the atoms or vacancies have higher diffusion capacity under elevated temperatures. Therefore, for each
individual reaction stage, it finishes in much shorter time at higher temperature. As a example, it can
be seen in Figure 4, the formation of GP zones under 195 ◦C only takes about 0.5 h, but it requires 5 h
when the temperature is 150 ◦C.

4.3. Accuracy and Application of the In-Situ Resistivity Measuring Method

The accuracy of the in-situ resistivity measurement method is evaluated by its data error level.
As shown in Figure 3, when testing distance is 110 nm, the R0 and Rc comprises 4.66%, 4.41%,
and 7.44% of R for 195 ◦C, 175 ◦C, and 150 ◦C, respectively. The proportion Rc in R should be some
lower than these values. The testing error is mainly caused by the fluctuation of the welded contact
surface between the probe and the sample (Rc). It can be further controlled to be even lower by
increasing the testing distance. The linear fitting error stays at extremely low level below 0.1% (with
fitting level higher than 99.9%). Therefore, the final testing data are confirmed to be highly trustable.
The results also showed better accuracy and stability than those reported in the literature [21–26],
since the data were in-situ and continuously recorded.
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Further applications of the in-situ resistivity measuring method can be both industrial or scientific.
On the one hand, it can be employed as a monitoring technique for aluminum profiles manufacturing
enterprises. Insufficient aging in partial products that are located in some blind corners in the big
industrial aging furnace is often encountered during practical experience. It may be caused by
inhomogeneous temperature field, uneven heating, fluctuation of power, or other unknown reasons.
It is troublesome because it is unpredictable before ending the aging process and after testing. The usual
approach for compensating this problem is by conducting supplementary aging or re-aging, which is
time and energy consuming. The method presented in this study would be an effective solution.
By calibration of the resistivity of aged samples for any given alloy composition, their target mechanical
properties can be marked. Therefore, using the in-situ resistivity measuring method, the aging status,
and properties of the products can be monitored in real time. This way, the insufficient aging problem is
eliminated. On the other hand, the measured resistivity data may also be useful for further quantitative
analysis of the precipitation behavior or modeling of mechanical strength. For example, the relative
volume fraction of the precipitates can be simply calculated by its initial, real-time, and final resistivity
values (ρ0, ρt, ρf) through the expression: fr = (ρ0 − ρt)/(ρ0 − ρf) [29,31]. It is similar to those using
the data obtained by DSC and isothermal calorimetry experiments [19,20]. Moreover, it is suggested
that this method would be also useful for analysis of the cluster and GP zones evolution, since the
variation of resistivity is highly related to them [24]. Together with other characterization techniques,
APT, for example, quantitative investigations would be feasible.

Based on the above discussion, advantages of the in-situ resistivity measurement method are:
(i) simplicity, because the sample is easy to prepared; (ii) convenience, no professional skills or
sophisticated equipment is required for conducting the measurements, with trustable results in low
testing error level; (iii) effectiveness, variation of the obtained resistivity data well reveals the trend of
mechanical and microstructure evolution under different aging conditions; and, (iv) high efficiency,
for a specific aging situation, only one sample is sufficient for different aging times, while in the
reported method, a serial of samples is desirable [21,25].

5. Conclusions

In summary, the present work illustrates a detailed study of the precipitation process of AlMgSi
alloys during artificial aging by proposing a simple, convenient, and effective real-time resistivity
characterization method. The precipitation processes of AlMgSi alloys during artificial aging, namely
formation of GP zones, transition from GP zones to β” phase, transformation from β” phase to β′

phase, and coarsening of both phases, were clearly separated into three stages based on the variation
of the resistivity. Feasibility of monitoring the phase transformation and reaction kinetics of the
precipitates by this technique has been proved. It has been revealed that the formation of β” phase
has the highest reaction kinetics. Formation of fine needle-like β” phase before coarsening and
transition to larger β′ phase contributes most to the mechanical strength. The proposed method is also
recommended for both industrial and scientific applications like real-time monitoring technique for
checking the aging completion degree in industrial production, characterization of the cluster and GP
zones, and quantitative analysis or modeling of the precipitation process.
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Abstract: The M23C6 precipitate plays a major role in preventing the sliding of the grain boundary
and strengthens the matrix in the reduced-activation ferritic/martensic (RAFM) steel. However,
its stability might be reduced under irradiation. The microstructural instability of the M23C6

precipitates in the RAFM steels irradiated at 300 ◦C with Fe ions up to a peak dose of 40 dpa
was investigated by transmission electron microscopy. A “Core/Shell” morphology was found
for the pre-existing M23C6 and a large number of new small phases appeared in parallel near the
periphery of the precipitates after irradiation. The loss of crystallinity of the M23C6 periphery due to
the dissolution of carbon atoms into the interface (C-rich “Shell”) actually decreased the size of the
Cr-rich “Core”. The new phase that formed around the pre-existing precipitates was M6C (Fe3W3C),
which was formed through the carbide transformation of M23C6 to M6C.

Keywords: M23C6; ion irradiation; M6C; amorphization; RAFM steels

1. Introduction

Reduced-activation ferritic/martensic (RAFM) steels have excellent mechanical strength,
low thermal expansion coefficient, high thermal conductivity and good resistance to radiation-induced
swelling and helium embrittlement [1–4]. Thus, they have potential uses in new-generation fission
reactors and future fusion reactors [5]. It is well known that several typical RAFM steels can be used
for test blanket modules in the International Thermonuclear Experimental Reactor [6], which includes
Eurofer97, 9Cr2WVTa and China Low Activation Martensitic (CLAM) steels. These RAFM steels
undergo various transformation processes, including transformation of the ferritic steel structure
(body centered cubic) to a martensitic steel structure (body centered tetragonal) after quenching.
The M23C6 (Cr-rich carbide) precipitate preferentially forms at the martensitic lath and grain boundaries
after thermal treatment. The M23C6 phase is very stable at temperatures below 820 ◦C [7], which plays
a critical role in retaining the physical and mechanical properties of RAFM steels at elevated
temperatures [6]. This prevents the grain boundary sliding [8] and strengthens the matrix by exerting
a large Zener pinning force on the martensitic lath boundaries compared to the MX phase in RAFM
steels [7,9]. However, under thermal, stress and irradiation conditions, the precipitate stability may be
reduced [10–12]. Irradiation can increase the diffusion rates due to the production of point defects.
The interface between the second-phase particle and the matrix was shown to function as a sink that
traps point defects. It is reported that the interface is an important factor in element segregation and
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swelling behaviors due to the trapping of gas atoms and point defects [9,13,14]. The size of the M23C6

precipitates increases in the 9Cr-2WV steels during neutron irradiation [15] and CLAM steel after H and
D ion irradiation [16]. The irradiation-induced amorphous transformation of M23C6 precipitates was
observed in 800-MeV proton irradiated martensitic steels [17–19] and in 9Cr-1Mo ferritic/martensitic
steel irradiated with 0.5 dpa at low temperatures [20]. The changes in the specimen microstructure,
such as the secondary phases/precipitates induced by irradiation, will affect mechanical properties,
including fracture toughness [21]. Therefore, examining and understanding the mechanism of M23C6

phase instabilities under irradiation is essential in evaluating the response of M23C6 against irradiation,
which is also an essential part of developing radiation-resistant RAFM steels.

In this work, we investigate the microstructural instability of M23C6 precipitates in the RAFM
steels due to irradiation. The mechanism of dissolution and re-precipitation will be discussed.

2. Experimental

2.1. Material Preparation

The chemical compositions of the RAFM steel test materials are shown in Table 1. The bulk
specimens underwent heat treatment as follows: quenching at 1000 ◦C for 40 min and water cooled,
before being tempered at 740 ◦C for 2 h and air cooled. A disc-like specimen with a diameter of
3 mm was punched out from a ~0.1 mm thick sample cut from the bulk RAFM steel and thinned to its
final thickness. The standard TEM specimens were prepared by the conventional jet electropolishing
methods using 5% perchloric acid and 95% ethanol polishing solution at −30 ◦C.

Table 1. Chemical compositions of Reduced-activation ferritic/martensic (RAFM) steel in wt. %.

Fe C Cr W V Mn Si P S

Bal. 0.088 9.24 2.29 0.25 0.49 0.25 0.0059 0.001

2.2. Irradiation Experiments

The irradiation experiments were carried out in the Accelerator Laboratory of Wuhan University
and the samples were irradiated to a peak dose of 40 dpa with 100-keV Fe ion at 300 ◦C. The damage
profile calculated by the Stopping and Range of Ions in Materials (SRIM) code simulation is shown in
Figure 1, where the displacement energy was Ed = 40 eV. A uniform ion beam current (~1 μA) was created
for holding by scanning in both the horizontal and vertical directions. The sample temperature was
monitored with a thermocouple throughout the irradiation process, which touched the implantation
surface of the sample. The microstructure analysis and composition measurements were conducted with
a field-emission-gun analytical Tecnai G2 F30 microscope (Beijing, China), which had a nominal spot size
of 0.5 nm, equipped with an energy dispersive X-ray spectroscopy (EDX) system.

Figure 1. Depth profiles of the displacement damage (dpa) for the RAFM steel irradiated to a peak
dose of 40 dpa with 100-keV Fe ions.
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3. Results and Discussion

Figure 2 shows the unirradiated microstructure of a RAFM steel sample containing many
pre-existing carbides with sizes of approximately 100–300 nm along the long axis in the matrix.
A bright-field micrograph after 40 dpa of Fe ion irradiation at 300 ◦C is shown in Figure 3. A systematic
selected-area electron diffraction (SAED) pattern of the pre-existing precipitates obtained from the
unirradiated and irradiated specimens are shown in the upper right of the panels in Figures 2 and 3a,
respectively. The calculated d-spacing of the (111), (200), (331), (422) and (511) spots were 0.6145 nm,
0.532 nm, 0.244 nm, 0.217 nm and 0.205 nm, respectively, which is parallel with the Pcpdfwin file
(No. 781500) that originated from the M23C6 consisting mainly of Cr and Fe. It should be noted that
the

(
111

)
and (200) reflections make a [011] zone axis (Figure 2), which paralleled the

[
011

]
zone axis

by (422),
(
133

)
and

(
511

)
reflections in Figure 3a.

 

Figure 2. Bright-field micrograph of the unirradiated RAFM steel, in which many precipitates ware
located at the martensitic lath and grain boundaries. The microstructure of pre-existing precipitates
was identified by the selected-area electron diffraction (SAED) patterns that are shown in the upper
right of panels. The diffraction patterns indicate that it is a M23C6 precipitate.

 

Figure 3. (a) Micrograph of the RAFM steel after 40 dpa Fe ion irradiation at 300 ◦C. An obvious
change takes place at the periphery of the pre-existing precipitates. Simultaneously, a large number of
small precipitates appear in the matrix; (b) is the dark-field image of (a), which is taken from the

(
511

)
diffraction spot indicated by the white arrow.
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Remarkable changes in the original pre-existing M23C6 precipitates were found in the 40 dpa
Fe ion irradiated specimen, which is shown in Figure 3a. The contrast at the periphery of the M23C6

precipitates was reduced or weakened. A large number of new small phases appeared in parallel near
the pre-existing M23C6 precipitate after the irradiation. The original pre-existing M23C6 precipitate
periphery (the matrix/carbide interface) seemed to grow, with the width of the extended region being
about 10–30 nm. In the right inset of Figure 3a, the SAED patterns show the amorphous diffraction
halos accompanied by diffraction spots. The patterns contain three parts: the M23C6 precipitate,
matrix/carbide interface and the matrix, which is marked by a white circle. The

(
511

)
,
(
133

)
and (422)

diffraction spots originate from the M23C6 precipitate as discussed above. The dark-field image of
the M23C6 precipitate shown in Figure 3b was from the

(
511

)
diffraction spot marked by the white

arrow. On the one hand, all the small phases were completely black in Figure 3b, which further
indicated that the structure of the small new phase is not parallel to M23C6. On the other hand,
Figure 3b shows that all M23C6 carbides were bright and the peripheral region was brighter than
the center of carbide. The electron transmittance in the periphery region was higher than that in the
M23C6 carbides. The appearance of diffraction halos indicated that the brighter periphery region
(i.e., the matrix/carbide interface) is amorphous. From Figure 3, one can conclude that the pre-existing
M23C6 precipitate periphery was unstable under Fe ion irradiation. The loss of crystallinity of the
M23C6 particles also appeared in our previous studies [22,23]. The seemingly extended region indicates
the dissolution of the pre-existing M23C6 precipitates, which is similar to the heavy ion-irradiated or
neutron-irradiated ferritic steels at 300–500 ◦C [24,25]. They also indicate that the pre-existing M23C6

precipitates were partially dissolved after irradiation, especially at elevated irradiation temperatures.
Kai et al. [24] also indicated that the modification of pre-existing M23C6 precipitates due to 14-MeV
Ni ion irradiation was very similar to the results of the thermal annealed ferritic steel. A vague
explanation was given that irradiation would accelerate the thermal diffusion and in turn, enhance the
thermal/aging effect, which is consistent with the mechanism of radiation-enhanced diffusion [26].
However, a more detailed reason for the dissolution of pre-existing M23C6 should also be investigated
from the view point of elemental segregation.

The compositions of the precipitate, peripheral amorphous region and matrix in the 40 dpa
irradiated RAFM steel at 300 ◦C were investigated with STEM/EDX microanalysis (Figure 4). Fe, Cr,
W and C were analyzed using EDX mapping, with no other elements having appeared in the spectra.
The EDX spectra and the elemental compositions (in wt. %) of the different regions marked by white
arrays (Figure 4a) are shown in Figure 4b–d. Compared to the chemical composition of the matrix
(Figure 4d), the precipitate includes a greater content of C and Cr elements (Figure 4a). This also
indicates that the precipitate is Cr-rich M23C6, which is consistent with the SAED result. The M mainly
represents the Cr element and also contains Fe, W and other elements [16,27,28]. The EDX spectra
collected from the interface between the precipitate and the matrix has a higher C amount. In addition,
an elemental map was constructed in the same region as that in Figure 4a, while Figure 4e shows the
High-Angle Annular Dark Field (HAADF) STEM images of the same precipitate. Figure 4f–i shows
the EDX-Kα mapping of Fe, Cr, W and C in the pre-existing precipitates after irradiation. The bright
contrast in EDX elemental map represents a high elemental concentration. Therefore, Cr is mainly
present in the precipitate. They also highlight the increased Fe and W contents in the pre-existing
precipitates. However, considering the uneven thickness between the precipitates and the matrix
(the precipitate region is thicker than that of the matrix in Figure 4), Fe and W elements should be
distributed homogeneously. It should be noted that a high C element concentration appears at the
interface between the precipitate and the matrix (i.e., the amorphous region). The reasons for this are
not clear but one possibility is that the M23C6 phases decompose during irradiation because of the
loss of carbon atoms into the interface through irradiation-enhanced diffusion. The STEM/EDX map
reveals a “Core/Shell” morphology for the M23C6 precipitates after irradiation with 40 dpa Fe ions
and a percolated structure of C-enrichment extending from the precipitate. It has a C-rich “Shell” and
a Cr-rich “Core”, with C atoms segregated in the peripheral amorphous region. As discussed above,
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the C-rich “Shell” region is brighter than the M23C6 carbides in the dark-field image. The electron
transmittance in the C-rich “Shell” region is higher than that in the precipitate and matrix. As presented
in the literature, the irradiation increases the diffusion rates and sustains the point defect flux from
the precipitate/matrix to the sinks (i.e., the interface between carbide and matrix). The defect
concentration gradient near the interface makes the undersize atoms (i.e., C atoms) segregate to
the sinks assisted by the formation of the solute–self-interstitial complexes [29]. The oversized Cr
atoms become depleted along the interface between the M23C6 precipitate and the matrix according
to the solute-drag self-interstitial driven mechanisms [28–30]. Thus, the ion irradiation enhances
the loss of crystallinity of the M23C6 phase and decreases the size of the Cr-rich “core” through the
irradiation-enhanced diffusion.

 

Figure 4. (a) Micrograph of the M23C6 precipitates after Fe ion irradiation; (b–d) Chemical compositions
in the different regions marked by the white arrows are analyzed by EDX; (b) EDX energy spectrum of
the precipitate region; (c) EDX results at the matrix/carbide interface (amorphous region); (d) EDX
spectrum of the matrix; (e) HAADF–STEM image and (f–i) corresponding EDX elemental mappings of
Fe, Cr, W and C elements for the pre-existing M23C6 precipitate and the new phase, respectively.

A large number of small new precipitates gathered around the pre-existing M23C6 precipitate
in Figure 5, which are not M23C6 as indicated by Figure 3b. Thus, the EDX elemental maps were
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also measured for the new phase (see Figure 4f–i). The Fe and W elements were enriched in the new
small precipitates (see the red circles in Figure 4). Tanigawa et al. [31] predicted the possibility of
the formation of M6C in the F82H steel after irradiation at 300 ◦C, but no detailed microstructure
examination was performed. In order to clarify the structure of the new phase, a high-resolution
TEM (HRTEM) image of the small precipitate was obtained as shown in Figure 5b. The calculated
d-spacing of the (220) and (422) diffraction spots were 0.226 nm and 0.401 nm, respectively (Pcpdfwin
file No. 781990). This confirms that the small precipitate has the M6C (i.e., Fe3W3C) structure.
Irradiation can increase the diffusion rates through the production of point defects, which can be
trapped by the interface between M23C6 precipitates and matrices. In-situ observations revealed that
the small M23C6 fragment can separate from the pre-existing M23C6 precipitates in 2-MV electron
irradiated F82H steel [32]. The irradiation-induced phase transformations are possible because the
free energies of the different phases are changed by the excess energy introduced into the lattice.
The carbide transformations of M23C6 to M6C have been observed at 700 ◦C by Inoue et al. [33],
which was determined based on the following relationships of crystal orientations between M23C6 and
M6C:

(
110

)
M23C6//

(
110

)
M6C,

(
111

)
M23C6//

(
111

)
M6C, and (112) M23C6//(112) M6C. Therefore,

the formation of a new M6C phase near the pre-existing M23C6 precipitate may be transformed from
a small M23C6 fragment separated from the pre-existing precipitates, with irradiation at elevated
temperature promoting these processes. As discussed above, the M23C6 carbides can prevent sliding of
the grain boundary [8] and strengthen the mechanical properties of the RAFM steels [6]. The dissolution
of the pre-existing M23C6 carbides was detrimental to the mechanical properties, especially the
ductile-to-brittle transition temperature [34]. Simultaneously, the high energy precipitate–matrix
interfaces due to Cr and C segregation favored fracture paths [5]. The precipitation of M6C caused
a reduction in material toughness [35]. Thus, the phase transformation (M23C6→M6C) resulted in
degraded mechanical properties, especially the ductile-to-brittle transition temperature. The effect of
the M23C6 dissolution and re-precipitation of M6C on the fracture toughness requires further research.
Ghidelli et al. [21] suggested a possible approach to study the micro-scale fracture toughness by
obtaining pillar splitting measurements.

 

Figure 5. (a) TEM micrograph of the small precipitates in the matrix of RAFM steel irradiated with
40 dpa Fe ion at 300 ◦C; (b) Corresponding HRTEM image of the small precipitate; and (c) Fast Fourier
transformation (FFT) pattern of the white square region in (b).

4. Conclusions

In the present work, we investigated the instability of M23C6 precipitates in ion-damaged RAFM
steel via STEM/EDX. A “Core/Shell” structure (C-rich “Shell” and Cr-rich “Core”) was formed in
the pre-existing M23C6 precipitates after the irradiation with 40 dpa Fe ion at 300 ◦C. The SAED
measurements combined with the bright/dark-field contrast images showed that the extended C-rich
“Shell” was amorphous with carbon atoms percolated into the interface. Ion irradiation actually
enhances the loss of crystallinity of the M23C6 phase and decreases the size of the Cr-rich “Core”
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through irradiation-enhanced diffusion. The small new phase gathering around the pre-existing
M23C6 precipitate has a M6C (Fe3W3C) structure, which was confirmed by SAED and EDX analyses.
The irradiation at elevated temperatures promoted the separation of small M23C6 fragments from the
pre-existing precipitates and transformation into a new M6C phase.
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Abstract: Stamping dies perform two functions in the hot stamping process of body-in-white
components. Firstly, they form the steel sheet into the desired shape and, secondly, they quench the
steel at a cooling rate that leads to hardening by means of the austenite-γ to martensite transformation.
This microstructural change implies a volume expansion that should lead to a force peak in the press,
which has yet to be detected in industrial practice. In this study, a set of hot stamping laboratory tests
were performed on instrumented Al–Si-coated 22MnB5 steel flat formats to analyze the effect of the
stamping pressure on the detection of the expected peak. Plotting the sheet temperature and pressure
curves against time allowed us to identify and understand the conditions in which the force peak can
be detected. These conditions occurred most favorably when the stamping pressure is below 5 MPa.
It is thus possible to determine the exact moment at which the complete hardening transformation
occurs by monitoring the local pressing force of the tool in areas where the pressure exerted on the
metal format is below 5 MPa. This information can be applied to optimize the time needed to open
the dies in terms of the complete martensitic transformation.

Keywords: hot stamping; press hardening; martensitic expansion; force peak; cycle time

1. Introduction

The basis of hot stamping technology is a combination of the forming and subsequent quenching
of steel sheet formats in a single die stroke as described by Reference [1–3]. The cooling sequence
during hot stamping is a major technological factor since it drives the final mechanical properties
of the parts. The cooling of the steel sheet during hot stamping consists of four consecutive steps.
First, the austenitized steel sheet is transferred from the furnace to the press (radiation + convection);
second, the die approaches the sheet format until first contact is achieved (radiation + convection +
conduction); third, sheet forming is carried out in the press stroke that starts from the first die–sheet
contact to the bottom dead center position (BDC) (conduction + convection); and, finally, the press is
kept in the stroke’s BDC until the steel sheet undergoes a martensitic transformation (conduction).

The last step takes most of the takt time since it is intended to ensure that quenching is completed
during the stamping procedure [4]. During the quenching stage, heat is conducted from the stamped
part towards the forming tool across the contact surface between both elements. Both the bulk and
contact thermal conductivities and tool cooling systems are of the utmost importance for this step.
An improvement in any of the aforementioned four steps leads to higher production rates in the
press and inclines the production bottleneck upstream towards the austenitizing furnace. R&D efforts
have sought to exploit this process by exploring high conductivity steels [5], applying conformal
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cooling strategies [6], and studying the interfacial heat transfer coefficient (IHTC) between the sheet
and the die [7–11]. The relationship between the IHTC and the nominal contact pressure during the
quenching stage has awakened interest in the field due to the force and position control capabilities of
the stamping presses. Pressing force is one of the few process variables than can be monitored and
controlled straight away in an industrial hot stamping line.

Nevertheless, this force is not distributed uniformly on the part’s surface during the quenching
step. In a first approach, the actual local pressure on each tool-sheet contact point is affected by
the angle between the part surface and the moving direction of the press (Figure 1). This leads to
IHTC differences along the stamped part that increase the cooling rate variability already caused by
the tool’s shape, contact sequence, and cooling channel performance. As a result, the martensitic
transformation is not performed in unison but sequentially, where areas with the lowest IHTCs are
the last to transform. The total quenching time that the press must be kept in the BDC for a total
martensitic transformation to be achieved must thus account for the lowest local pressure sites, as they
drive the lowest IHTC values.

Figure 1. Schematic pressure distribution on flanges and flat areas in a hot stamped profile. “A”
subscripts stand for “Apparent” and “E” subscripts stand for “Effective”.

The quenching of these sites implies a volume expansion related to the austenite-to-martensite
transformation. Provided the press position is fixed in the BDC and the sheet fills the clearance
between the upper and lower tools, this expansion should theoretically lead to a local pressure
peak [12,13]. However, this phenomenon has seldom been reported in the literature by authors
seeking to experimentally reproduce hot stamping conditions [8]. The thermography is actually used
in the hot stamping industry to detect cooling issues in the part and/or tool normally caused by
cooling channel clogging, leakage, water supply shortage, etc. [11], and in other applications [14].
This technique is useful to understand the process without contact with the material. This work
explores the simultaneous evolution of the actual pressure and sheet temperature in a range of nominal

227



Metals 2018, 8, 385

stamping pressures from 12.5 to 2.5 MPa to identify the conditions under which the martensite
expansion can be properly measured. The detection of the force caused by quenching expansion has
direct applications in terms of defining the minimum achievable takt time for a given set of pressing
setups and tool designs.

The interest in controlling this cycle time is evidenced by the modeling efforts presented
in the literature [15,16]. Previous approaches to this issue have been based both on numerical
modelling of the process or hardness/microstructure surveys after a part has been extracted from the
press [17], and searching for online dwell time optimization methods. Monitoring of the martensitic
expansion force on the other hand, leads to a real-time monitoring of the quenching completion,
the simultaneousness of which takes into consideration the process of obtaining measurements and
decision making.

2. Materials and Methods

The sheet steel material employed for our experimental work was the Al–Si pre-coated quenchable
22MnB5 steel, commonly known under the commercial name USIBOR 1500P® (ArcelorMittal,
Luxembourg City, Luxembourg), whose chemical composition is given in Table 1.

Table 1. Chemical composition of USIBOR 1500P® (in wt % with balanced Fe).

C Si Mn P S Al B N2 Ti Cr Ni

0.22 0.27 1.23 0.014 0.003 0.041 0.003 0.006 0.036 0.21 0.05

The dimensions of the samples were 80 × 90 mm, with a thickness of 3 mm. In each sample,
a 1 mm diameter hole was machined by electrical discharge machining, right in the middle of the
thickness, to a 30 mm depth (Figure 2a). Inside the hole, an AISI 316L sheathed type K thermocouple
of 1 mm diameter was fixed (Figure 2b).

 
(a) 

 
(b) 

Figure 2. (a) Test sample sketch; (b) samples with the K thermocouple inserted.

A flat tool with an active surface of 150 × 150 mm was used. The tool was manufactured in
ductile iron grade GJS-700-2 with a hardness of 275 HB. The tool design is shown in Figures 3 and 4.
The cooling channels in both halves of the tool were fabricated with a nominal diameter of 10 mm.
The cooling water for the tests was taken from the line at a temperature of 12.5 ◦C and flow rate
of 20 L/min.

228



Metals 2018, 8, 385

Figure 3. Die demonstrator sketch with the cooling system.

 

Figure 4. The die demonstrator placed on the hydraulic press.

The tests were carried out on a MTS 810 hydraulic press (Material Testing Systems, Eden Prairie,
MN, USA) that was programed in a closed-loop pressure control until the working pressure was
achieved, and then immediately shifted to a blockage position for 10 s before the load was released.

Before carrying out the tests, the pressure homogeneity of the setup was verified by employing a
Pressurex-Micro® (Sensor Products Inc., Madison, NJ, USA) SPF-ER indication film. This film reveals a
contact pressure map between the two surfaces by employing the interaction between the two foils
of the film that leads to different degrees of magenta coloring depending on the pressure in each
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contact spot, see Reference [18]. Subsequently, using the Topaq® imaging system (Sensor Products Inc.,
Madison, NJ, USA), the magenta color map was translated to a high resolution, full-color representation
of the pressure distribution. A 0.5 mm thickness Pressurex® (Sensor Products Inc., Madison, NJ, USA)
film was employed in this study.

Initially, the alignment of the tool and the press was verified using the pressure sensing films.
The film was placed directly on the bottom of the tool and several loads were checked. Figure 5
shows the magenta-colored profile for 54 kN. Once the indication film was marked with the Topaq®

image system (Sensor Products Inc., Madison, NJ, USA) and measurements of the color density were
performed, the pressure was calculated and plotted in a 3D image (Figure 6). This way it was verified
that the assembly was set to contact primarily in the center of the tool, where the samples were placed
during test.

The same test was repeated using USIBOR 1500P® (ArcelorMittal, Luxembourg City, Luxembourg)
sheet blanks of 80 × 90 mm by placing the film between the sheet and both the upper and lower tools.
Figure 7 shows the result for an applied pressure force of 85 kN (11.8 MPa pressure). It is relevant that,
despite the test being performed in a flat configuration, there are significant pressure gradients in the
samples. A nominal pressure of 12 MPa turns out to be translated in a pressure map of 12 ± 4 MPa.
The pressure force distribution analyses indicate that the press applied higher pressure on the right
side than on the front, back, and left side. So, it is clear that despite industrial process parameters
being taken on average pressures values, the actual pressure distributions are randomly distributed
around the nominal value.

Figure 5. The force press track over the 120 × 140 mm film.
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Figure 6. Pressure distribution in a 3D image.

Figure 7. Distribution of the applied pressure over a 80 × 90 mm USIBOR 1500P® steel sheet blank
(ArcelorMittal, Luxembourg City, Luxembourg).

The austenitizing of the samples for the press hardening was performed without a protective
atmosphere in an electric resistance furnace (LAC LH 39/13) whose dimensions were 0.31 m × 0.31 m
× 0.31 m (width × length × height). Samples were heated one by one. Each sample was heated for
approximately 300 s to an austenitizing temperature of 900 ◦C and they were extracted from the furnace
and placed inside the tooling in less than 4 s. The austenitizing temperature and time were selected in
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order to reproduce industrial hot stamping conditions. The temperature setpoint of 900 ◦C was selected
to ensure full austenitization of the 22MnB5 while avoiding grain growth. Furthermore, the 300 s
heating time not only ensured austenitization but also Al–Si coating enrichment in Fe, avoiding liquid
aluminum dropping (eutectic Al–Si melting point is at 577 ◦C in the absence of Fe).

Press hardening tests were then conducted at the corresponding pressure set-points (2.5, 5, 7.5, 10,
and 12.5 MPa).

After the pressing tests, and with the aim of ensuring that press hardening was carried out
correctly during the tests, all samples were metallurgically analyzed by means of metallographic
inspections and hardness measurements. Three HP (High Pressure), T (Thermocouple), and LP (Low
Pressure) zones in the sample were checked for each specimen, as shown in Figure 8. The hardness
variations observed in the three zones were insignificant.

 

Figure 8. Identification of the zones subjected to metallurgical testing, T (Thermocouple), HP (High
Pressure), and LP (Low Pressure).

The hardness was measured in a cross section of the Low Pressure zone of each sample via
Vickers hardness control measurements, in accordance with EN ISO 6507-1: 2006, on the core (half
thickness) and periphery (0.3 mm from the surface) of the cross section of the metallographic specimens.
The microstructures were analyzed using a Leica MEF4 optical microscope (Leica Microsystems,
Wetzlar, Germany) and etching of the metallographic samples was carried out with Nital 4.

3. Results

The recorded pressure–temperature–time curves are presented below, starting from the maximum
employed pressure. Figure 9 shows the 12.5 MPa set-point curves. For this case, the pressure graph
is smooth without any overshot. The hardening was successful, as shown by the microstructure in
Figure 10 and corroborated by the HV10 hardness measurements in Table 2.

Thus, most of the martensitic transformation in the sample must have occurred while the press
was still in closed-loop pressure control. Some parts of the sheet may have been undergoing residual
martensitic transformation, as indicated by the thermocouple records, which reached the martensite
start (Ms) temperature about a second after the pressure signal arrived to the set-point.

As the pressure set-point was reduced to 10 MPa, martensitic expansion was detected as an
overshot in the pressure curve (Figure 11). The start of the overshot was 0.1 s after the target pressure
was reached, and the pressure ramp-up lasted 2 s. In agreement with the observations in Figure 9,
the Ms in the thermocouple location was reached about a second later than the overshot, indicating
that the hardening did not proceed in a synchronized manner, but occurred over a period of seconds.

232



Metals 2018, 8, 385

Figure 9. Temperature–pressure–time plot for a pressure set-point of 12.5 MPa.

 

Figure 10. Martensitic microstructure of the material stamped at the 12.5 MPa set-point and analyzed
in LP zone.

Table 2. Vickers hardness measurement sampling for each pressure set-point. Average of five values
and confidence interval of 95% of the mean.

Pressure Set-Point (MPa) HV10 Hardness

12.5 487 ± 7
10.0 477 ± 18
7.5 478 ± 9
5.0 488 ± 10
2.5 481 ± 10
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Figure 11. Temperature–pressure–time plot for a pressure set-point of 10 MPa.

Overshot becomes easier to identify as the pressure set-point decreases. The lower the pressure,
the later the start of the overshot and the longer its duration. For a 7.5 MPa stamping pressure, the start
of the martensitic expansion signal was delayed by 0.2 s after the pressure set-point was reached,
which lasted 2.2 s (Figure 12).

Figure 12. Temperature–pressure–time plot for a pressure set-point of 7.5 MPa.

For the two lowest pressure set-points on the testing schedule, 5 and 2.5 MPa, thermal shrinkage of
the sample was detected as a relaxation of the exerted pressure (Figures 13 and 14). In these two cases,
there is an initial peak of stress, followed by a reduction of the pressure that is attributed to the thermal
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expansion coefficient. In terms of the delay of the onset of the overshot, the measured values are 0.3 s
and 0.4 s, while the duration of the expansion is 2.5 s and 2.9 s, for 5 MPa and 2.5 MPa, respectively.
In these two cases, the Ms in the thermocouple position is reached during the overshot ramp.

Figure 13. Temperature–pressure–time plot for a pressure set-point of 5 MPa.

 

Figure 14. Temperature–pressure–time plot for a pressure set-point of 2.5 MPa.

Figure 15 shows microstructural confirmation of the correct quenching of the samples even for the
case of the lowest working pressure. This result is backed-up by the hardness measurements shown
earlier in Table 2.
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Figure 15. Martensitic microstructure of the material stamped at 2.5 MPa set-point and analyzed in
LP zone.

According to the foregoing records, the lower the working pressure, the better the resolution
of the martensitic expansion that can be obtained in terms of pressure overshot, as the hardening is
carried out at a slower pace along the sample.

4. Discussion

The results reported above show a phenomenon that allows us to detect when the martensitic
transformation was complete during hot stamping, and under certain conditions:

1. Force monitoring must exist on the lowest quenching pressure site of the stamped part.
2. The press force set-point must be achieved before quenching starts.
3. The site of the stamped part must have a flat sheet-to-tool contact surface.
4. It must be possible to program the press stroke so that it maintains its BDC during quenching.

Provided these conditions are met, the martensitic expansion of the quenched steel can be
measured in terms of a force increase and stabilization. This feature can be potentially applied to
industrial hot stamping processes as a means of reducing the quenching time. Press opening can be
commanded immediately after the quenching finishes, thus reducing the over-holding times that are
employed to account for any uncertainties in the precise instant that full-part quenching is achieved.

It is understandable that this behavior has not been observed during industrial production. All in
all, industrial presses monitor average forces and manufacture complex part shapes, because of this the
final quenching expansion cannot be resolved. Regarding laboratory hot stamping tests, some authors
have supplied pressure (or force) and/or temperature versus time curves for the hot stamping of both
flat and shaped samples.

The same overshot was observed in Reference [8], but corresponded to an omega-shaped sample,
meaning that there was no way to distinguish any expansion effect on the flanges, which is the most
conflictive point for quenching hot stamped parts.

Regarding the lack of martensitic expansion reporting, also shown by Reference [7],
two alternatives related to the press programming are proposed as an explanation. On the one hand,
if the pressure ramp-up is too slow, the martensitic transformation can happen while the press is in
load control and the proportional integral derivative program is in a position that compensates for any
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expansion, thus hiding any overshot. On the other hand, if closed-loop pressure control is set and the
control reaction time is very quick, the quenching might be carried-out unnoticed and smooth force
variations would only be registered.

5. Conclusions

It is worth pointing out that despite the low pressures that have been used in this work, martensitic
transformation has been achieved over a very narrow timeline, which points to potential future work.
Considering all the industrial effort involved in reducing cycle times and costs, the next research steps
should be focused on developing tool-design strategies and taking advantage of the achieved results
by takt-time reduction.

This work shows that it is possible to develop a system/device that is capable of monitoring
quenching in real time during hot stamping. If force is monitored in the slowest cooling spots of the
part, detection of the martensitic expansion makes it possible to control the production equipment and
optimize the process.
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Abstract: An in situ scanning electron microscope (SEM) study was conducted on a super duplex
stainless steel (SDSS) containing 0%, 5% and 10% σ-phase. The material was heat treated at 850 °C
for 12 min and 15 min, respectively, to achieve the different amounts of σ-phase. The specimens
were investigated at room temperature and at −40 °C. The microstructure evolution during the
deformation process was recorded using electron backscatter diffraction (EBSD) at different strain
levels. Both σ-phase and χ-phase were observed along the grain boundaries in the microstructure
in all heat treated specimens. Cracks started to form after 3–4% strain and were always oriented
perpendicular to the tensile direction. After the cracks formed, they were initially arrested by the
matrix. At later stages of the deformation process, cracks in larger σ-phase constituents started to
coalesce. When the tensile test was conducted at −40 °C, the ductility increased for the specimen
without σ-phase, but with σ-phase present, the ductility was slightly reduced. With larger amounts
of σ-phase present, however, an increase in tensile strength was also observed. With χ-phase present
along the grain boundaries, a reduction of tensile strength was observed. This reduction seems to be
related to χ-phase precipitating at the grain boundaries, creating imperfections, but not contributing
towards the increase in strength. Compared to the effect of σ-phase, the low temperature is not as
influential on the materials performance.

Keywords: in situ tensile testing; super duplex stainless steel; SDSS; low-temperature; σ-phase; SEM;
EBSD; microstructure analysis

1. Introduction

Duplex stainless steels (DSS) consist of two phases: austenite and ferrite. The two phases,
in combination with the alloying elements, result in a steel with superior mechanical properties and
corrosion resistance compared to steels with similar cost. DSS was first developed by the oil and
gas industry for use in the North Sea. Here, it is typically used in process pipe systems and fittings
exposed to corrosive environments at elevated temperature (up to 150 °C in H2S atmosphere) [1].
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DSS typically contains 22% Cr, 5% Ni and 0.18% N, to achieve the desired phase composition and
corrosion properties. If better corrosion properties are required, super duplex stainless steel (SDSS)
can be used instead. This alloy contains a higher amount of Cr, Ni and N typically 25%, 7% and 0.3%,
respectively. In order to achieve the desired phase composition, it is annealed at 1050 °C, and left
there until a 50-50 phase balance between ferrite and austenite is obtained. During cooling after the
heat treatment, precipitation of intermetallic phases (σ, χ, π and R) may occur. These intermetallics
have been found to considerably reduce the mechanical properties and corrosion resistance of the
material [2–13]. The most common of these phases is the σ-phase. Even small amounts (<0.5%) of
σ-phase will significantly reduce the fracture toughness [2,14]. This reduction, combined with the
short time it takes for the phase to form and the deteriorating effect on corrosion properties, is what
makes σ-phase a dangerous and strongly unwanted intermetallic.

The χ precipitates on ferrite/ferrite grain boundaries and occurs before the σ-phase [13,15].
In addition, the χ-phase is a metastable phase, consumed during σ-phase precipitation [13]. σ-phase
typically forms on austenite/ferrite boundaries, but can also form on ferrite/ferrite boundaries.
The σ-phase forms in the temperature range 675 °C–900 °C. After 10 min at 850 °C, small amounts of
σ-phase will start to precipitate [6,16,17]. σ-phase has a body centered tetragonal crystal structure with
the lattice parameters a = 8.8 Å and c = 4.55 Å, while the χ-phase has a body centered cubic crystal
structure with lattice parameter a = 8.8 Å [18]. The lattice parameters of both are significantly larger
than the 2.87 Å and 3.65 Å for ferrites and austenite, respectively [19,20]. The chemical composition
of σ-phase includes, in addition to Fe, approximately 30–60% Cr and 4–10% Mo. The χ-phase differs
from σ-phase with a higher Mo content and a lower content of Cr [15]. As a result, since χ-phase has a
higher atomic weight, it is possible to distinguish it from σ-phase in a scanning electron microscope
(SEM) using Z-contrast. In such an image, the χ-phase will appear brighter. Since Cr and Mo are
stabilizing elements for ferrite, the σ and χ-phase will form at the expense of ferrite. Following the
eutectoid reaction α → σ + γ or α → χ + γ, an increase in the austenite phase will also occur [15,17].
The surrounding area will be depleted of Cr and Mo, which are important elements for corrosion
protection and, as a consequence, leaving the material exposed. This is especially troublesome in SDSS
since these are mostly selected to operate in areas requiring a corrosion resistance superior to DSS.

A study by Børvik et al. [2] looked into the low-temperature effect on σ-phase in DSS. It was found
that the temperature had a minor effect on the tensile ductility, while increasing amounts of σ-phase
in the structure considerably reduced the ductility. Another study by Kim et al. [21] investigated the
low-temperature mechanical behavior of SDSS containing σ-phase. Here, the material was tested in a
universal tensile test machine, equipped with a sub-zero chamber. After the specimens were tested,
the microstructure was investigated, comparing the amount of σ-phase present with microcrack length.
Microcracks were found to have propagated through the entire σ-phase, relating the crack length to the
size of σ-phase inclusions. As in Børvik et al. [2], the influence of temperature was observed to be minor.
In addition, in the tensile tests performed at −50 °C, no strain-induced martensite was produced.

In the present study, in situ SEM tensile tests have been conducted on an SDSS with 0%, 5%
and 10% σ-phase present in the microstructure. The tensile tests were carried out at both room
temperature and sub-zero temperature (−40 °C). The microstructure was monitored with secondary
electron imaging and electron backscatter diffraction (EBSD). Images were acquired at different loading
steps. From these results, it is possible to observe the microstructure evolution and study the effects of
χ-phase and σ-phase on the microstructure during the deformation process.

2. Materials and Methods

2.1. Material and Heat Treatments

The investigated material in this study was a 2507 SDSS, with the chemical composition listed
in Table 1. This pipe was manufactured by welding a rolled plate along the length of the pipe.
The microstructure of the steel investigated here contained more ferrite than austenite, 56.3% and
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43.7%, respectively. The grain size in the two phases is also different, with ferrite having larger grains
compared with austenite grains. These results have been summarized in Table 2. In addition, the grains
have different morphology in different directions. Figure 1 gives a phase map of the pipe in three
different directions. Here, LD, RD, and TD are abbreviations for longitudinal direction, radial direction,
and transverse directions, respectively. The meaning of these are illustrated in Figure 2a.

Table 1. Chemical composition of 2507 SDSS.

Element C Si Mn P S Cr Mo Ni Cu W N

wt% 0.018 0.42 0.52 0.017 0.001 25.55 3.46 8.28 0.72 0.52 0.25

Table 2. Microstructure statistics summarized. The data was collected from EBSD scans.

Average Ferrite Austenite Overall

Composition 56.3% 43.7% 100%
Grain size 9 μm 6.5 μm 7.9 μm

Figure 1. An illustration of the microstructure with the phases illustrated. The dimensions of the cube
are 500 μm × 500 μm × 500 μm, green representing ferrite and red representing austenite. In the bottom
right corner of each side, the plane normal is given. LD, RD, and TD are illustrated in Figure 2a.

Specimens being used for EBSD analysis need a completely smooth surface, where the deformation
layer at the surface has to be removed. For SDSS this was done by grinding and polishing down to
1 μm, followed by electropolishing. The settings used are summarized in Table 3. Specimens were
spark eroded from a 10 mm thick pipe to the dimensions in Figure 2b. All specimens were parallel to
the length of the pipe, as illustrated in Figure 2a. The observed plane in the specimen during an in situ
experiment has TD as plane normal.

Table 3. Parameters used during the electropolishing.

Electrolyte Struers A2

Voltage [V] 20
Time [s] 15
Temperature [°C] 22

241



Metals 2018, 8, 478

(a) (b)

Figure 2. (a) an illustration on how the specimens were taken from the SDSS pipe and gives the
definition of LD, RD and TD. The specimen dimensions is magnified compared to the pipe for
illustration purpose; (b) specimen geometry, with all measurements in mm. The specimen had an
original thickness of 2 mm before grinding and polishing.

The material was heat treated to achieve different amounts of σ-phase in the structure.
Specimens were placed in a pre-heated oven at 850 °C for 12 min, 15 min, 20 min and 25 min.
Cooling was performed by quenching in a water bath at room temperature. The heat treatment and the
resulting amount of σ-phase achieved are summarized in Table 4. Phase maps from EBSD scans were
used to quantify amounts of σ-phase present. These will not be exact measurements since they were
only taken from the surface. The results from Elstad [16] was used to determine the heat treatment
procedures used in this work. However, σ-phase precipitation was not constant with the same heat
treatment being performed. Resulting in significant variation in σ-phase content during the heat
treatment. All specimens in this work are heat treated as described in Table 4, but only specimens with
amounts roughly in the region indicated in the third column were used for the in situ tests. However,
the deviation was less than 1% for the 5% specimen, measured by EBSD. For the specimens with larger
amounts of σ-phase present, the deviation was 1–2%.

Table 4. Heat treatment and resulting amount of σ-phase in the specimens tested.

Temperature [°C] Time [min] Amount σ-Phase [%]

- - 0
850 12 5
850 15 10
850 20 15
850 25 20

2.2. Materials Characterization

During this experiment, the microstructure was monitored using secondary electron imaging and
EBSD. Images were acquired at different loading steps. At each step, the same area (350 μm × 350 μm)
was recorded with EBSD, using a step size of 1 μm. From these results, it is possible to observe the
microstructure evolution and study the effects of σ-phase and χ-phase on the microstructure during the
deformation process. The microscope used was a Field Emission SEM Zeiss Ultra 55 Limited Edition
(Jena, Germany) with a NORDIF UF-1100 EBSD detector (Trondheim, Norway), with the microscope
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settings given in Table 5. Z-contrast imaging mode was used in order to distinguish σ-phase from
χ-phase during the experiments.

Table 5. SEM parameters used during EBSD acquisition.

Acceleration Voltage [kV] 20

Working distance [mm] 24.6–25.4
Tilt angle [°] 70
Aperture size [μm] 300
Probe current [nA] 65–70

2.3. Tensile Testing

The specimen was deformed using a spindle-driven in situ tensile device. This device was placed
inside the vacuum chamber of the SEM to monitor the microstructure. In situ tensile tests were carried
out at both room temperature and at −40 °C for specimens containing 0%, 5% and 10% σ-phase.
Tensile tests were also performed on specimens containing 15% and 20% of σ-phase, however, no in
situ investigation or low-temperature testing was carried out on these specimens, due to their purely
brittle behavior. The in situ tensile tests were carried out with a constant ramp speed of 1 μm/s.
This corresponds to a strain rate of 1.11 × 10−4 s−1. For further reading and previous use of the in
situ device, the reader is referred to [22,23]. When performing the sub-zero experiments, a cold finger
was attached to the specimen as shown in Figure 3. This cold finger is made from 99.99% Cu. It goes
from the specimen, through the microscope door, into a dewar filled with liquid N. The blue and
white wire seen in Figure 3 is a thermocouple. It was placed between the screw-head and specimen
throughout the experiment. The temperature was measured to be in the interval −35 °C and −45 °C for
all specimens. However, the fluctuations in temperature are assumed to be due to the variable thermal
resistance between the thermocouple and specimen. This variation is a result of the thermocouple
shifting position during straining. The temperature is assumed constant and reported as −40 °C in
this paper.

Figure 3. Cold finger attached to the specimen with a thermocouple placed between the screw-head
and specimen.

3. Results

3.1. Tensile Properties and Fracture Surfaces

The tensile test curves for the specimens tested in this work are shown in Figure 4. As seen from
these curves, the specimens with more than 10% σ-phase present exhibit a purely brittle behavior at
room temperature and do not deform plastically before fracture. For that reason, these specimens are
not suitable for in situ and low-temperature investigations. Hence, only specimens containing roughly
5% and 10% σ-phase are further investigated. The specimens containing 0% σ-phase are included as
a reference.
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Figure 4. Tensile test curves obtained during the in situ tensile tests. The drops in the curves are when
the test is paused for acquiring EBSD data.

The stress–strain curves in Figure 4 show that small amounts of σ-phase greatly affect the tensile
properties of the material. Another observation is the short time at the critical temperature it takes
before the material is completely brittle (cf. Table 4). Specimens containing 15% and 20% σ-phase
only deforms elastically before fracture. A general remark is that the yield strength increases at low
temperature and the strain at fracture decrease with an increasing amount of intermetallic phases.
Conversely, for the material not heat treated, there is an increase of fracture strain. In addition,
the drops in the curves are from when the tensile test is paused for EBSD acquisition. A curious
observation from the tensile test curve is that the tests containing 5% σ-phase have a lower yield
strength and ultimate tensile strength (UTS). In Figure 5, the microstructure of one of these specimens
can be seen. Along the grain boundaries, the χ-phase has precipitated as a thin continuous layer of
approximately 200 nm thickness. This image was acquired during the test at room temperature, after
4% strain. In the center of the image is a σ-phase island, with two cracks marked with white circles.
The χ-phase also contains numerous small cracks, seen in the black circles in Figure 5, which seem
to contribute towards a reduction in strength. When the amount of σ-phase increases, it also adds
towards increased tensile strength.

Figure 5. A close up micrograph from the specimen containing 5% σ-phase, after 4% strain, tested at
room temperature. Along the grain boundaries, the χ-phase can be found, and, in the center, a larger
island of σ-Phase is seen. The white circles show cracks in the σ-phase and the black circles show the
cracks in the χ-phase.
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In Figure 6, the fracture surfaces of the specimens tested at room temperature with 0%, 5% and
10% σ-phase are presented. To the left is an overview of the total surface area and to the right is a
close-up image showing the fracture surface at a higher magnification. The reference sample exhibits
classic ductile fracture features, with a large reduction of area and the typical cup and cone dimpled
structure at the surface. This is also expected when compared to the tensile test curve (Figure 4).
In the specimen with 5% σ-phase present, Figure 6b, some reduction in area is observed—however,
not as great as in the test with 0% σ-phase present. In addition, here the fracture surface appears to be
mixed between a ductile dimpled structure and a brittle faceted structure. Conversely, the specimen
containing 10% σ-phase, Figure 6c, has all the characteristics of a brittle fracture. There is little to no
reduction in area and completely faceted fracture surface, despite having a 10% fracture strain.

(a)

(b)

(c)

Figure 6. Fracture surfaces for the tensile test specimens with (a) 0%, (b) 5% and (c) 10% σ-phase,
tested at room temperature. To the left is the total fracture area and to the right is a close-up of the
fracture surface.

3.2. Microstructure Evolution

During the tensile tests, specimens containing different amounts of σ-phase were recorded using
secondary electron imaging and EBSD to observe the microstructure throughout the deformation
process. EBSD scans were obtained at the same area at approximately 0%, 2% and 6% strain of
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all tested specimens. Each of the tensile test curves in Figure 4 showed a drop when the test was
paused for the acquisition of EBSD scans and secondary electron imaging. An observation is that the
specimen with 0% σ-phase, tested at −40 °C, has a greater fracture strain than the specimen tested at
room temperature.

In all specimens containing σ-phase, cracks were observed throughout the microstructure.
These were observed to form after 3–4% strain in all the specimens, initiating in the σ-phase. Typical
size of the cracks is seen in Figure 7. In Figure 8, two micrographs acquired at 6% and 10% strain
show several micro-sized cracks in the σ-phase. During further straining, these cracks widen and
appears to propagate deeper into the specimen. The ferrite and austenite grain boundaries act as a
barrier for the cracks to propagate further. However, the larger constituents of σ-phase in the matrix
contain large cracks, which eventually will propagate through the matrix. This is seen in the center of
both frames in Figure 8. The microcracks in Figure 8a grow, and, in Figure 8b (black circle), they have
coalesced, forming one large crack. A close-up of this crack is shown in Figure 9. This is a phase map
superimposed on to an image quality (IQ) map from EBSD, acquired with a step size of 50 nm. From
this map, it can be seen that the crack propagates along grain boundaries when it is moving through
the matrix. When the cracks start to coalesce, the material is close to fracturing, as the volume fraction
of cracks is increasing fast. The micrograph in Figure 8b was acquired after 10% strain. The specimen
fractured after being strained less than 1% further. It is possible to see how the cracks in the white
circles widen from Figure 8a to Figure 8b. Presumably, they are propagating through the thickness of
the material.

Figure 7. Micro-crack formed in the σ-phase during the initial stages of deformation. This frame is
acquired after 6% strain, during the low temperature test with 5% σ-phase.

In Figure 10, the grain orientation spread (GOS) in the different tests are shown. All curves are
obtained after 6% global strain. The GOS gives a quantitative description of the crystallographic
orientation gradients in individual grains [24,25]. It is found by calculating the average orientation
deviation of all points in a grain from the average grain orientation. A higher spread would indicate
that those grains are accommodating a larger deformation compared to a lower spread. However,
as seen from the graphs, there is, in general, a low spread, with peaks for all tests around 1–2°.
One notable deviation is the curves from the experiment at −40 °C with 0% σ-phase present in
Figure 10b. These grains seem to accommodate more deformation, with a larger GOS distribution
compared to other curves in Figure 10. Another observation is that the ferrite and austenite phases
have nearly identical curves in the low-temperature test in Figure 10b, while the phases are behaving
differently at room temperature (Figure 10a). During the room temperature tests, all curves for ferrite
grains have a taller peak compared to austenite grains. In addition, the specimen with 5% σ has a
higher GOS peak-value compared to the specimen containing 10% σ-phase when tested at −40 °C.
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At room temperature, the austenite for both tests is fairly similar, while the ferrite is accommodating
more deformation in the specimen with 5% σ-phase.

(a) 6% strain (b) 10% strain

Figure 8. Micrographs of cracks formed in the σ-phase, taken from the test carried out at room
temperature with 10% σ-phase present. Some cracks are restricted by the matrix while some propagate
and coalesce. In the green circle, a heavily deformed austenite grain with cross-slip is seen. The white
circles show microcracks restrained by the matrix and the large crack in the black circle was formed
when many smaller cracks coalesce. A close-up of this crack is shown in Figure 9.

Figure 9. A close-up of the crack shown in the black circle in Figure 8b. This is a phase map with an IQ
map overlay, acquired by EBSD. The red is austenite, green is ferrite and mustard yellow is σ-phase.
The EBSD-scan of this area was acquired with a step size of 50 nm.
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(a) GOS at RT (b) GOS at −40 °C

Figure 10. The grain orientation spread curves for the different specimens. (a) are the specimens tested
at room temperature and (b) are the specimens tested at −40 °C. All curves were taken after 6% strain.
The solid lines are ferrite and the dashed lines are austenite.

4. Discussion

During this work, different specimens of super duplex stainless steel, containing varying amounts
of σ-phase have been investigated, during an in situ SEM tensile test. Each specimen was taken from a
pipe segment and heat treated to get different amounts of σ-phase present. In general, it took roughly
10 min for the intermetallic phases to start forming at 850 °C. During the next 10 min, approximately
15% of σ-phase had precipitated, and the material had changed to an utterly brittle behavior, as
seen in Figure 4. It proved hard to meet our targets of 5% and 10% σ-phase, sometimes achieving
0% after 13 min and other times 15% after 15 min at 850 °C. However, when the σ-phase starts to
precipitate, it forms fast. Since duplex steels are being heat treated, typically at 1050 °C, to achieve its
final microstructure and often goes through other heat treatment, e.g., welding, a thorough control of
the cooling rate is crucial. In addition, no ductile-to-brittle transition was observed in this work. This
was also the case in the work of Børvik et al. [2] and Kim et al. [21]. In these works, DSS and SDSS,
respectively, were tested at −50 °C and no transition was observed. This means that, if the material
has a ductile-to-brittle transition temperature, it is lower than −50 °C.

As seen from Figure 4, additions of σ-phase significantly reduce the ductility. This phenomenon
is also well documented by others in previous studies [2,3,5,7,9]. However, in this study,
the microstructure has been closely monitored during the tensile test to elucidate how it is
accommodating the σ-phase in relation to deformation. The GOS in grains from the austenite and
ferrite (shown in Figure 10) suggests that the presence of σ-phase and low temperature (−40 °C) is
influencing the deformation behavior of the matrix. A consequence of presence of σ-phase is a lower
fraction of ferrite. This altered phase balance, in combination with much harder particles containing
numerous cracks explains this difference in behavior between specimens with and without σ-phase
present. However, the primary concern is the brittle nature of σ-phase. Cracks were observed in the
σ-phase at 3–4% strain in all specimens, and all cracks were oriented perpendicular to the tensile
direction. During the initial stages, the surrounding matrix restricts the growth of the crack. As the
material is strained further, the cracks continues to widen. Eventually, the cracks start to propagate and
coalesce. In specimens with higher amounts of σ-phase, the propagation occurs earlier, following the
shorter distance to the nearest σ-phase inclusion. In addition, the σ-phase particles are larger and the
cracks, therefore, grow to a larger size.

The influence of temperature seems to make the σ-phase somewhat more brittle, resulting in
a higher UTS and lower ductility. Austenite and ferrite grains seem to behave similarly during the
low-temperature tests with σ-phase present when studying Figure 10b. However, during the test at
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room temperature, the ferrite accommodates more deformation compared to the austenite. This is
seen from the curves in Figure 10a. The reason for the ferrite being more active is believed to be due to
the fact that ferrite has 48 active slip systems at room temperature. Conversely, austenite has 12 slip
systems and they are not dependent on temperature. With more slip systems available, there are more
ways for the dislocations to propagate. In addition, the specimens without any σ-phase present have a
larger GOS compared to the specimens containing σ-phase. This indicates that the presence of σ-phase
in the structure is retarding the deformation of ferrite and austenite. This is also observed through
visual inspection of micrographs. There are more slip lines present, at equal strain level, in specimens
without σ-phase present.

An observation of a specimen with 0% σ-phase, tested at −40 °C, has a greater fracture strain
than the specimen tested at room temperature. It could be expected that the ferrite would have a
brittle behavior at this temperature. A reason for this behavior might be due to the fact that SDSS is a
highly alloyed material, containing elements improving the low-temperature performance of ferrite.
In addition, the presence of austenite will improve low-temperature performance. It has been reported
in several studies that austenitic steels have increased ductility at −50 °C in static uniaxial tensile
tests [26–28].

Looking at the tensile test curve in Figure 4 for the tests with 5% σ-phase, a lower tensile strength
compared to the curve without any σ-phase present is observed. Conversely, a greater amount of
σ-phase gives a contribution towards increased strength. An explanation for this can be the relative
amount of χ-phase present. As seen from the black circles in Figure 5, the χ-phase precipitates along
grain boundaries and is very brittle containing many cracks. These cracks result in the observed
reduction of tensile strength. However, the size of the cracks in χ-phase are subcritical and does
not contribute towards a large reduction in ductility. The specimen containing 5% σ-phase is still a
very ductile material, with a fracture strain of 35%–38%. This is in contrast to previously reported
literature. As mentioned in the Introduction, it has been reported that specimens with only 0.5%
σ-phase have significantly reduced fracture toughness. However, as discussed in Børvik et al. [2] and
Børvik et al. [3], DSS are more sensitive towards σ-phase with respect to fracture toughness than to
tensile ductility. In this work, all specimens were tested strain rate of 1.11 × 10−4 s−1. In addition,
the tensile tests were paused at certain intervals to acquire images and EBSD scans. In Børvik et al. [2],
an increase in flow stress of about 30% was found for DSS when the strain rate was increased from
5 × 10−4 s−1 to 50 s−1 based on tensile tests.

No strain-induced martensite was observed in any of the specimens investigated in this work.
This indicates a very stable austenitic phase. However, this is not unexpected, since the σ-phase
is formed at the expense of ferrite, not austenite. The alloying elements added to stabilize the
austenitic phase are still present in the matrix. In the work by Kim et al. [21], there was also no
martensite observed.

5. Conclusions

• The cracks in χ-phase contribute towards a lower flow stress but were not of critical size
concerning a large reduction in tensile ductility. The specimens with small amounts of χ-phase
and σ-phase still retained a ductility of 35%.

• Visible cracks start to form after 3–4% strain, regardless of σ-phase content and they all form
perpendicular to the tensile direction.

• During the initial stages of deformation, the cracks are constrained by the ferrite/austenite
matrix. However, during the later stages, these cracks start to propagate through the material
and coalesce. This occurs moments before fracture.

• The ferrite accommodates more deformation than austenite at room temperature tests; however,
during low-temperature tests, both phases have a more equal behavior during deformation.

• At low temperature, with σ-present, the material had slightly higher flow stress and lower
ductility. However, the amount of σ-phase present is the most important aspect when it
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comes to duplex steels. It alters the phase balance of ferrite and austenite and deteriorates
the mechanical properties.
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Abstract: P92 steel was irradiated with Ar ion up to 10 dpa at 200, 400, and 700 ◦C. The effect
of Ar ion irradiation on hardness was investigated with nanoindentation tests and microstructure
analyses. It was observed that irradiation-induced hardening occurred in the steel after Ar ion
irradiation at all three temperatures to 10 dpa. The steel exhibited significant hardening at 200 and
700 ◦C, and slight hardening at 400 ◦C under Ar ion irradiation. Difference in the magnitude of
irradiation-induced hardening at different temperature in the steel is attributed to different changes
in the microstructure of the steel that arose from the irradiation. Irradiation-induced hardening in the
P92 steel irradiated at 200 ◦C is attributed to the occurrence of both dislocation loops and other fine
irradiation defects during irradiation. Slight hardening in the steel irradiated at 400 ◦C mainly arises
from the annihilation of defect clusters at this temperature. The occurrence of fine Ar bubbles with
high number density during the Ar ion irradiation at 700 ◦C resulted in the significant hardening
in the steel.

Keywords: ferritic steel; irradiation; nanoindentation; hardness; transmission electron microscopy
(TEM); microstructure

1. Introduction

High chromium ferritic/martensitic (F/M) steels have been considered as candidate materials
for the structural components in Generation IV nuclear reactors—such as gas-cooled fast reactor
(GFR), lead-cooled reactor (LFR), sodium-cooled fast reactor (SFR), and super critical water-cooled
reactor (SCWR)—due to their good swelling resistance, excellent thermal properties, and low thermal
expansion [1–3]. However, these components will be subjected to extreme conditions such as
higher temperatures, higher neutron doses, and extremely corrosive environment, which are beyond
the experience of the current reactors [3]. Irradiation damage can lead to a series of changes in
microstructure, probably giving rise to a hardening of structural materials. Irradiation-induced
hardening results in the degradation of fracture properties, such as ductile-to-brittle transition
temperature (DBTT) shift, at low irradiation temperature [4–7]. Therefore, it is necessary to investigate
the influence of irradiation on the microstructure and mechanical properties of high chromium
F/M steels.

Ion irradiation technique has been recognized as a means to simulate neutron damage due to many
advantages in investigating the irradiation effects on the mechanical properties of reactor structural
materials, such as high damage rate, little or no residual radioactivity, and a lower cost. Additionally,
irradiation conditions can be easily controlled [7,8]. A large number of studies have reported the
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mechanical properties of F/M steels after irradiation with neutrons [6], Ne ions [9], Kr ions [10,11],
H ions, He ions, and electron beams [12,13]. Inert gas, especially He, created by nuclear reaction has
a significant influence on the microstructural evolution of structural materials exposed to neutrons
in nuclear reactors. Although simulations recently indicated bubble formation and loss of structural
integrity induced by Ar ion and Xe ion were much less compared to the case of He ion in bcc Fe [14],
inert gas is still widely applied to ion irradiation experiments. Therefore, in the present work, the Ar
ion was selected to create similar irradiation damage as He created in reactors. Irradiation damage
depth is limited up to a few microns, so nanoindentation testing combined with ion irradiation is
usually applied to investigate the influence of irradiation conditions on irradiation-induced hardening
of structural materials for reactors [15–17].

Attributed to solution strengthening by W and Mo additions and precipitation strengthening by
V and Nb additions on the basis of P91 steel, P92 steel exhibits excellent high temperature mechanical
properties, which makes it a promising candidate material for in-core applications in sodium fast
reactor (SFR) and fusion systems [11,18]. The irradiation response of P92 steel has received much
attention in the past few years [10,11,19–22]. Most research focused on the microstructural evolution
of P92 steel irradiated with Kr ions at 200 and 400 ◦C [10,11]; with Ar ions at room temperature,
290, 390, and 550 ◦C [19,20]; and with protons at 500 ◦C [21]. When F/M steels are used as fuel
cladding in a fast reactor, the operating temperature is expected to approach 650–700 ◦C [18]. Although
microstructural evolution in P92 steel during irradiation has been investigated systematically in
their previous work, there is a lack of available data associated with the mechanical properties of
irradiated P92 steel. In addition, there appears to be few previous reports of hardening behavior in
F/M steels under ion irradiation at high temperatures (especially higher than 600 ◦C). In this paper,
irradiation-induced change in the hardness of P92 steel was evaluated through Ar ion irradiation at
200, 400, and 700 ◦C to 10 dpa in combination with nanoindentation tests and microstructure analyses.
The mechanism of irradiation-induced hardening in P92 steel under Ar ion irradiation at different
irradiation temperatures to 10 dpa was also discussed.

2. Materials and Methods

The initial material used in this study was commercial P92 steel. The chemical composition of the
P92 steel is showed in Table 1. The P92 steel was normalized at 1050 ◦C for 30 min then cooled by air,
and then tempered at 765 ◦C for 60 min followed by air cooling. The normalized and tempered plate
was cut into specimens of 20 mm × 6 mm × 1 mm with spark erosion, then ground and polished to
a mirror finish. Irradiation experiment was carried out on an implantation facility (Institute of Modern
Physics of the Chinese Academy of Sciences, Lanzhou, China) using 250 keV Ar2+ ions at 200, 400, and
700 ◦C under high vacuum less than 1 × 10−4 Pa. Polished samples were irradiated up to 10 dpa and
the dose rate of Ar ion irradiation was about 1.56 dpa/h for P92 steel samples. During irradiation
experimentation, two small pieces were taken to suppress the samples to prevent the samples from
falling from the sample plate. Correspondingly, the irradiated and unirradiated regions were acquired
due to the suppressed regions not being irradiated by Ar ions. The irradiation temperature of sample
was controlled using thermocouples with a fluctuation within ±5 ◦C. The distribution of the damage
level and the implanted Ar ions in the irradiated samples after irradiation were simulated through
the Stopping and Range of Ions in Matter (SRIM) output vacancy file with quick Kinchin and Pease
method [23], as shown in Figure 1. Depth profile of the irradiation damage has a peak at a depth of
about 100 nm.

Table 1. Chemical composition of P92 steel (in wt %).

C Si Cr Mn W Mo Nb Ni V N B Fe

0.093 0.14 8.75 0.41 1.62 0.505 0.052 0.207 0.183 0.063 0.003 Bal.
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Figure 1. The depth profiles of displacement damage and Ar ions distribution in irradiated P92 steel
simulated by the Stopping and Range of Ions in Matter (SRIM).

Nanoindentation hardness was measured by a MTS Nano Indenter equipped with a Berkovich
type indentation tip (MTS Cooperation, Nano Instruments Innovation Center, TN, USA).
The calibration of the bluntness of the indentation tip is based on the Oliver–Pharr method [24].
The hardness as a function of indenter depth was acquired by the continuous stiffness measurement
(CSM) method. In order to obtain reliable results, more than six measurements were carried out for
each irradiation condition.

Thin-foil TEM (transmission electron microscope, JEOL Ltd., Tokyo, Japan) specimens with
a diameter of 3 mm were prepared from the unirradiated side of the irradiated steel samples by
grinding and thinning process, and then followed by an ion milling in Gatan-691 precision ion
polishing system. The thin-foil specimens were examined in a JEOL-2100 TEM at 200 kV.

3. Results

Figure 2 presents the average hardness of the P92 steel before and after Ar ion irradiation at
200, 400, and 700 ◦C to 10 dpa. For all sheet samples, the phenomenon that hardness decreases with
indent depth increasing was observed at indentation depth larger than 100 nm, which was caused
by the indentation size effect (ISE) [25]. Conversely, a reverse ISE that hardness increases with depth
increasing close to surface. It is clearly noted that irradiation-induced hardening was revealed for
all irradiated samples. The difference in magnitudes of irradiation-induced hardening at different
temperatures were shown in Figure 3, ΔH = Hirr − Huni, where ΔH is defined as variable quantity
of hardness after Ar ion irradiation, Hirr is the hardness after Ar ions irradiation and Huni is the
corresponding original hardness at the same depth. Commonly, the hardness data near the surface is
not adapted to investigate the irradiation-induced hardening due to testing artifacts [26]. Besides, there
are some challenges for the measurement of mechanical properties of ion implanted layers, including
indentation size effect, pile-up effect, sink-in effect, and residual stresses. The pile-up and sink-in effect
can be revised by scanning electron microscope (SEM) on the residual indents [27]. Many methods
have been developed to estimate surface residual stress [28–30]. Compared with the hardness of the
unirradiated region, the hardness of regions irradiated with Ar ion irradiation at 200 and 700 ◦C to
10 dpa increased to about 1 and 1.5 GPa, respectively. The hardness after Ar ions irradiation at 400 ◦C
was slightly higher than the unirradiated region. The most severe irradiation-induced hardening was
observed at 700 ◦C, while slight irradiation-induced hardening behavior was found at 400 ◦C.
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Figure 2. Indentation depth dependence of averaged nanoindentation hardness of P92 steel before and
after Ar ion irradiation to 10 dpa at (a) 200 ◦C, (b) 400 ◦C, and (c) 700 ◦C.

Figure 3. Indentation depth dependence of averaged nanoindentatiion hardness variation of P92 steel
after Ar ion irradiation to 10 dpa at 200, 400, and 700 ◦C.

4. Discussion

In recent years, many studies on the irradiation hardening behavior of F/M steel have been
done through tensile, Vickers hardness, or nanoindentation tests [26,31–34]. Significant hardening
was observed in HCM12A and T91 steels after irradiation with 2.0 MeV protons at 400 ◦C, while
both steels irradiated at 500 ◦C showed a slight increase in their hardness [31]. Kimura et al. [32]
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compared the yield stress increment of 9Cr-2W F/M steel before and after irradiation in Fast Flux Test
Facility (FFTF)/Materials Open Test Assembly (MOTA) and found the largest irradiation hardening
was observed at 373 ◦C (646 K) at 10–15 dpa, while softening was observed in the steel specimens
irradiated at temperatures above 430 ◦C (703 K) to doses of 40 and 59 dpa. Xin et al. [33] found that
irradiation-induced hardening was confirmed in CLAM steel irradiated with 140 keV He ions with
fluences up to 1 × 1016/cm2 at 27,200, and 400 ◦C. Their results indicated that CLAM steel exhibited
significant hardening at 200 ◦C and hardening effect decreased at 400 ◦C, nevertheless, negligible
hardening was observed when irradiation temperature was increased up to 600 ◦C. However, there
are few reports of significant irradiation-induced hardening in high chromium F/M steels at a high
irradiation temperature of 700 ◦C. Besides, slightly irradiation-induced hardening at 400 ◦C observed
in this work is another concern.

Figure 4 presents the TEM micrographs of the unirradiated and irradiated P92 steel taken from
thin-foil samples. As shown in Figure 4a, clear martensite lath structure and high density of dislocations
and precipitates were observed in the unirradiated P92 steel sample. Figure 4b–e illustrates the
microstructural evolution of the P92 steel irradiated at 200, 400, and 700 ◦C to 10 dpa, suggesting
that the micrographs of the irradiated samples were quite different from those of the unirradiated
samples. Dislocation loops were observed in all irradiated samples, as indicated with dashed circles in
Figure 4b–d. The average diameter and the density of dislocation loops were investigated statistically
in different regions of the irradiated samples. The diameter of dislocation loops in the steel samples
irradiated to 10 dpa at 200, 400, and 700 ◦C were determined by measuring the diameters of 271,
226, and 187 dislocation loops respectively from more than 25 TEM images using g = {200} for each
irradiated sample. The dislocation loops density was estimated by n/V, which was used to calculate
bubbles density [35], where n is the amount of dislocation loops, and V is the volume of the selected
regions which was estimated with a thin-foil thickness of about 50 nm. For the samples irradiated at
200, 400, and 700 ◦C, the average dislocation loops diameter was determined to be about 7, 13, and
17 nm, and the number density of dislocation loops was calculated to be about 2.43 × 1021, 1.83 × 1021,
and 1.15 × 1021 m−3, respectively. These results indicated that the size of dislocation loops increased,
on the contrary, the density of dislocation loops decreased with the increase of irradiation temperature
from 200 to 700 ◦C. In addition, fine bubbles were observed to homogeneously distribute in the sample
irradiated at 700 ◦C, as showed in Figure 4e. These bubbles have an average diameter of about 3 nm
and a very high number density of about 1.87 × 1025 m−3 [36].

Irradiation-induced hardening is a consequence of interactions of dislocations with irradiation-
induced defects including point defects, vacancy and interstitial clusters, dislocation loops and lines,
voids and bubbles, and precipitates [37]. The theories of irradiation hardening are based on the
assumption that these irradiation defects can act as obstacles to the glide of dislocations and different
hardening models have been proposed by Azevedo [38]. Combined with TEM analysis regarding
the number density and size of dislocation loops in the CLAM steel irradiated with single-(He+) and
sequential-(He+ plus H+ subsequently), the magnitude of irradiation-induced hardening was well
expounded in terms of a dispersed barrier hardening model [39]. The model can be written as

Δσy = M · α · μ · b(Nd)0.5 (1)

where Δσy is the increment in yield strength, M is the Taylor factor, α is the strength of barrier, μ is the
shear modulus, b is the magnitude of the Burger’s vector for moving dislocations, N is the number density
of obstacles, and d is the obstacle diameter [14]. Therefore, the number density and size of dislocation
loops would determine the magnitude of irradiation hardening in the irradiated CLAM steel. In the
case of P92 steel, the product of density and size of dislocation loops in the P92 steel irradiated at 400 ◦C
was larger than that irradiated at 200 ◦C according to a dispersed barrier hardening model. Meanwhile,
a smaller magnitude of irradiation-induced hardening was observed in the P92 steel irradiated at 400 ◦C.
Therefore, point defects and other defect clusters should be taken into consideration to understand the
magnitude of irradiation-induced hardening in P92 steel irradiated at 200 and 400 ◦C with the exception
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of dislocation loops. It was suggested that irradiation-induced defects with a small size contributing to
irradiation hardening could not be observed due to the resolution limit of TEM [40]. It can be speculated
that irradiation hardening in P92 steel irradiated at 200 ◦C is attributed to the production of both
dislocation loops and other fine irradiation defects. The annihilation between vacancy and interstitial
atoms occurs during irradiation independent of irradiation temperature, while the annihilation will
become more obvious with increasing irradiation temperature [33]. Thus, it can be inferred that defect
clusters decreased in the irradiated P92 steel due to the occurrence of annihilation of vacancy and
interstitial atoms partly at 400 ◦C. The annihilation of irradiation defects during irradiation at 400 ◦C is
the main factor leading to slight hardening in the irradiated P92 steel at this temperature.

  

  

 

Figure 4. TEM micrographs of P92 steel (a) before and after Ar ion irradiation to 10 dpa at (b) 200 ◦C,
(c) 400 ◦C, and (d,e) 700 ◦C.
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With the increasing of irradiation temperature up to 700 ◦C, significant irradiation hardening
was observed in the irradiated P92 steel. At high temperatures, irradiation-induced defect clusters
will become unstable, meanwhile the absorption of point defects to dislocations makes the hardening
decrease. However, fine bubbles were observed to homogeneously distribute in the sample irradiated
at 700 ◦C, as shown in Figure 4e. It has been confirmed that high-density helium bubbles could act
as obstacles to dislocation motion leading to hardening [41,42]. Therefore, the irradiation-induced
hardening in the irradiated P92 steel at 700 ◦C can result from the formation of uniformly distributed
Ar bubbles with a high number density and fine size. These uniformly distributed Ar bubbles can
be considered as a stronger barrier to the motion of dislocation resulting in the hardening in the
irradiated P92 steel. In addition, it can be inferred that the hardness increase caused by the formation
of Ar bubbles is stronger than the hardness decrease resulting from annihilation of other irradiation
defects. The formation of cavities at a higher irradiation temperatures was also observed in other
studies. It has been reported that cavities with a high number density were observed in Fe-Cr-Mn
alloy irradiated with Ar ions at 450 ◦C [43]. Recently, irradiation-induced cavity was found in P92 steel
irradiated with Ar ions at 550 ◦C to 7 dpa, while no cavity was observed in the steel irradiated at
temperatures below 550 ◦C up to a high dose of 34.5 dpa [19,20]. In the present study, Ar bubbles
contributing to hardening were also merely observed in the steel irradiated at 700 ◦C, which might
be due to a sufficient mobility for Ar atoms to nucleate and form Ar bubbles at the high irradiation
temperature. Thus, the irradiation-induced hardening in the P92 steel occurred at 700 ◦C is mainly
attributed to the production of these high-density and fine Ar bubbles.

5. Conclusions

Irradiation-induced hardening of P92 steel irradiated with Ar ions has been investigated with
nanoindentation tests and microstructure analyses. Hardening behavior occurs in the steel after Ar ion
irradiation at temperatures of 200, 400, and 700 ◦C to 10 dpa. P92 steel exhibits significant hardening at
200 and 700 ◦C, and slight hardening at 400 ◦C. Irradiation hardening in steel is sensitive to irradiation
temperatures. Dominant irradiation-induced defects are different at different temperatures. Irradiation
hardening observed in the P92 steel irradiated at 200 ◦C is considered to be attributed to the production
of defects cluster and dislocation loops. Significant hardening in the P92 steel irradiated at 700 ◦C
is due to the generation of high-density and fine Ar bubbles. The annihilation of irradiation defects
during irradiation at 400 ◦C is a major factor leading to slight hardening in the irradiated steel.
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