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Ilona Pleşa, Petru V. Noţingher, Cristina Stancu, Frank Wiesbrock and Sandra Schlögl
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recent advances in the preparation, characterization, and applications of polymeric nanocomposites

comprising nanoparticles. The concept of nanoparticle-reinforced polymers came about three decades

ago, following the outstanding discovery of fullerenes and carbon nanotubes. One of the main ideas

behind this approach is to improve the matrix mechanical performance. The nanoparticles exhibit

higher specific surface area, surface energy, and density compared to microparticles and, hence,

lower nanofiller concentrations are needed to attain properties comparable to, or even better than,

those obtained by conventional microfiller loadings, which facilitates processing and minimizes the

increase in composite weight. The addition of nanoparticles into different polymer matrices opens

up an important research area in the field of composite materials. Moreover, many different types of

inorganic nanoparticles, such as quantum dots, metal oxides, and ceramic and metallic nanoparticles,

have been incorporated into polymers for their application in a wide range of fields, ranging from

medicine to photovoltaics, packaging, and structural applications.
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The beginning of nanomaterials and nanoscience dates back to 1959 when the Nobel laureate in
Physics Richard Feynman gave the famous lecture entitled “There’s Plenty of Room at the Bottom.”
Nonetheless, the concept of nanoparticle-reinforced polymers came about three decades ago after the
outstanding discovery of fullerenes and carbon nanotubes. The addition of these nanoparticles into
different polymer matrices opened up an important research area in the field of composite materials.
Furthermore, many different types of inorganic nanoparticles, such as quantum dots, metal oxides, and
ceramic and metallic nanoparticles, have been incorporated into polymers for application in a wide
range of fields, such as medicine, photovoltaics, packaging and structural applications, etc. One of the
main ideas behind this approach is to improve the matrix mechanical performance. The nanoparticles
exhibit higher specific surface area, surface energy, and density compared to microparticles, hence
lower nanofiller concentrations are needed to attain properties comparable to or even better than
those obtained by conventional microfiller loadings, which facilitate processing and minimizes the
increase in composite weight. Nonetheless, a number of challenges have to be faced. Nanoparticle
agglomeration within the polymer matrix and poor interfacial adhesion between the nanofillers
and the matrix frequently hinder property improvements, demanding modification of the surface
chemistry to promote physical or chemical interactions with the polymer chains. Furthermore, the
fabrication procedure of the nanoparticle-modified polymers leads to different morphologies that have
a strong influence on the final properties of the materials. This Special Issue, with a collection of 12
original contributions and four reviews, provides selected examples of the most recent advances in the
preparation, characterization, and application of polymeric nanocomposites comprising nanoparticles.

Recently, inorganic fullerenes, nanotubes, and 2D nanomaterials based on layered metal
dichalcogenides such as WS2 and MoS2, have emerged as being among the most promising polymer
reinforcements. These types of nanoparticles are currently the subject of intense research, summarized
in different literature reviews [1–3]. In particular, the incorporation of environmentally-friendly
tungsten disulfide (WS2) nanoparticles has been shown to improve the thermal, mechanical, and
tribological properties of a series of thermoplastic polymers, including isotactic polypropylene (iPP) [4],
polyphenylene sulfide (PPS) [5], and poly(ether ether ketone) (PEEK) [6]. Efficient dispersion of WS2

was achieved through simple melt-blending without using modifiers or surfactants. Continuing
progress in the field, WS2-based nanotubes have been used to prepare poly(3-hydroxybutyrate-co-3-
hydroxyvalerate) (PHBV) nanocomposites by blending in solution [7], and the effects of the nanotubes
on the isothermal crystallization behavior and kinetics of PHBV were investigated by differential
scanning calorimetry (DSC) and polarized optical microscopy (POM). Results revealed that very
low nanotube loadings (0.1–1.0 wt %) raised the crystallization rate of the matrix due to the
heterogeneous nucleation effect and provided understanding of the structure-property relationships
in PHBV-based nanocomposites that are useful for their practical applications. Hybrids comprising
reduced graphene oxide (rGO) and WS2 nanoparticles grafted with active amino groups were used
to develop bismaleimide (BMI) nanocomposites (NH2-rGO/WS2/BMI) via the casting method [8].
Results demonstrated unprecedented enhancements in the mechanical properties of the BMI resin with

Polymers 2019, 11, 625; doi:10.3390/polym11040625 www.mdpi.com/journal/polymers1
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trace amounts of nanofillers. In particular, only 0.6 wt % NH2-rGO/WS2 increased the impact and
flexural strength of the matrix by 91.3% and 62.6%, respectively, ascribed to the layered structure of the
hybrid nanoparticles, strong interfacial adhesion, and uniform dispersion of the NH2-rGO/WS2 within
the resin. Besides, the thermal stability significantly improved with the addition of the nanoparticles.

Monolayers of molybdenum disulfide (MoS2) are of great interest to tailor the mechanical and gas
barrier properties of polymeric materials. In this regard, Tsai et al. [9] exfoliated MoS2 via modification
with ethanethiol and nonanethiol to obtain monolayers with thicknesses in the range of 0.7–1.1 nm,
which were then added to chlorobutyl rubber to prepare MoS2-butyl rubber nanocomposites with
loadings of 0.5, 1, 3, and 5 wt %. The tensile stress and oxygen transmission rate of the matrix showed
maximum augments of 30.7% and 49.6%, respectively, making these nanocomposites highly suitable to
be applied as pharmaceutical stoppers. Another field of application of rubber-based nanocomposites
is tire manufacturing. Thus, the development of silica/rubber composites with low rolling resistance
in an energy-saving method is of great interest. Zheng and coworkers [10] proposed a novel strategy
in which alcohol polyoxyethylene ether (AEO) and a silane coupling agent (K-MEPTS) were grafted
onto the surface of silica nanoparticles and subsequently incorporated into a rubber matrix using the
latex compounding technique. The characteristics of the resulting nanocomposites were studied by
a rubber process analyzer (RPA), transmission electron microscopy (TEM), and tensile tests. Results
revealed that AEO forms a physical interface between the nanoparticles and the matrix that reduces
silica aggregation, while K-MEPTS forms a chemical interface that enhances the reinforcing effect of
the nanoparticles and minimizes the joint friction between them. Overall, AEO and K-MEPTS acted
synergistically to improve the mechanical and dynamic performances of silica/rubber nanocomposites.

Noble metal nanoparticles (NPs) are very attractive catalysts due to their highly active surface
atoms [11]. Nonetheless, owed to their high surface-to-volume ratio and surface energy, they can easily
agglomerate during the catalytic reaction process. To overcome this issue, NPs are commonly stabilized
by polymers, complex ligands, or surfactants [12], albeit the catalytic reactivity of the resulting blends
is low. To solve this drawback, Wang and coworkers [13] developed a composite membrane with
SiO2 microspheres coated by Ag NPs on a PVDF substrate. The membrane displayed high catalytic
reactivity when catalyzing the reduction of p-nitrophenol to p-aminophenol, an important fine chemical
intermediate, under a cross-flow. The reaction followed a first-order kinetics, and its speed raised
with increasing the Ag concentration in the membrane, the reaction temperature, and the operating
pressure. Therefore, the developed reaction system will be of great interest for the chemical industry.

On the other hand, AuNPs can be used as colorimetric sensors for Ag+ detection. However,
AuNPs-based sensors generally suffer from poor selectivity and low sensitivity, owed to the nanoparticle
tendency to aggregate during their synthesis and sensing process. To address this issue, Liu et al. [14]
functionalized the nanoparticles with a thermoresponsive polymer that acted as both a reducing
and stabilizing agent: hyperbranched polyethylenimine-terminal isobutyramide (HPEI-IBAm). The
modified nanoparticles showed outstanding thermal stability up to 200 ◦C, high tolerance of a wide
range of pH, and high salt resistance. The developed colorimetric sensor exhibited high stability,
selectivity, and sensitivity, with an extremely low detection limit of 7.22 nM. More importantly, due to
the thermoresponsivity of HPEI-IBAm, the AuNPs/Ag composites could be separated by heating the
system above the cloud point of the polymer solution followed by centrifugation, thereby preventing
and controlling Ag+ pollution to the environment.

AuNPs have also been successfully used for the colorimetric detection of melamine (C3H6N6), a
white heterocycle compound extensively applied in the manufacturing of plastics, laminates, dyes,
and fertilizers that can cause health problems or even death [15]. However, the current methods
for melamine detection involve time-consuming steps, complicated procedures, and expensive
equipments. Zhang et al. [16] developed a fluorescence resonance energy transfer (FRET) system for
melamine detection based on AuNPs and conjugated polymer nanoparticles (CPNs), which led to a
maximum energy transfer efficiency of 82.1%. The system was found to be highly selective and sensitive
to melamine detection, with a detection limit of 1.7 nmol/L. Results revealed that the fluorescence of
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CPNs was initially quenched by AuNPs and then restored after melamine addition since it reduced
the FRET between CPNs and AuNPs. Moreover, the proposed method was tested in powdered infant
formula with very good results. A FRET mechanism was also designed for ratiometric fluorescent
temperature sensing based on two thermo-responsive polymers, poly(N-isopropylacrylamide) and
poly(N-isopropylmethacrylamide), which present lower critical solution temperatures (LCSTs) of
31.1 and 48.6 ◦C, respectively [17]. The fluorescent intensity of each polymer (with maxima at 436
and 628 nm, respectively) decreased upon heating the polymer aqueous solution. When the two
polymer aqueous solutions were mixed, the fluorescent intensity at 436 nm decreased while that at
628 nm increased with increasing temperature owed to the FRET effect. This temperature sensing
system displayed good stability and biocompatibility, and could be very interesting for biomedical
applications, such as bioimaging of biological processes at specific organelles.

The FRET mechanism also influences the power conversion efficiency in polymeric organic
light-emitting diodes (OLEDs). The energy emission may be reduced or even eliminated when the
nonradiative energy transfer processes is very efficient [18]. This drawback can be addressed by the
incorporation of nanostructured materials such as SiO2/TiO2 nanocomposites. Thus, the performance
of OLEDs based on hybrids of poly(9,9-di-n-octylfluorenyl-2,7-diyl) (PFO), which acts as a donor
material, and poly(2-methoxy-5-(2-ethyl-hexyloxy)-1,4-phenylene-vinylene) (MEH-PPV), which acts as
an acceptor material, was significantly improved upon addition of SiO2/TiO2 nanoparticle blends [19].
An improved charge carrier injection and an important reduction in the turn-on voltage of the
devices was observed in the presence of the nanocomposites, as well as an enhancement of the
MEH-PPV electroluminescence peaks, not only due to the reduction of the FRET effect but also to a
hole-electron recombination.

It should be noted that SiO2 and TiO2 are among the most common inorganic oxide nanofillers
used in polymer-based nanocomposites. An effective approach to achieve their homogeneous
dispersion within the matrix is in situ synthesis using techniques such as the sol–gel, microemulsion, or
hydrothermal/solvothermal methods [20]. These methods typically involve the mixing of precursors
with a non-reactive solvent and the monomer, and the reaction of the precursors starts the nanoparticle
synthesis either before or during monomer polymerization. This bottom–up approach allows better
control over the structure and properties of the nanocomposites; given that the nanoparticles are
grown inside the polymer matrix, the passivating effect of the polymer chain functional groups
on the nanoparticles can control particle size and decrease agglomeration. However, the unreacted
precursors or byproducts of the in situ reactions frequently modify the properties of the nanocomposite.
Considering the large number of studies published on the in situ synthesis of SiO2 and TiO2

nanofillers, Adnan et al. [21] collected the most relevant results in the field, focusing on the sol-gel
method and thermoset matrices like epoxy resins and poly(dimethylsiloxane) (PDMS). In addition to
the preparation techniques and strategies, the properties and most relevant applications of such
nanocomposites are discussed, including laminates, structural composites, electrical insulation,
coatings for epoxy and optical devices, and coatings and bioactive materials for PDMS.

Carbon based nanoparticles such as graphite carbon nanoparticles (CNPs) have also been
used as reinforcing materials of different matrices including epoxy resins. In this regard, Nezhad
and Thakur [22] reported on the preparation and mechanical characterization of epoxy/CNPs
nanocomposites with nanoparticle loadings in the range of 1–5 wt%. Embedment conditions and
timing were optimized, and the failure strain, hardness, strength, and modulus of the different samples
were measured. A worsening in properties was found upon addition of the highest CNPs loading,
attributed to a morphological change, including re-agglomeration of the nanoparticles. On the other
hand, graphene and its derivatives, graphene oxide (GO) and reduced graphene oxide (rGO), have
huge potential for energy applications due to their 2D structure, large specific surface area, high
thermal conductivity, optical transparency, and enormous mechanical strength combined with intrinsic
flexibility. The combination of graphene-based nanomaterials with polymers opens up an interesting
research field, leading to novel nanocomposites with improved structural and functional properties
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due to synergistic effects. In this regard, a brief review [23] that summarizes the most recent progress
in the development of graphene/polymer nanocomposites for use in polymer solar cells is timely.
These nanocomposites have already been used as transparent conducting electrodes, active layers, and
interfacial layers of such type of cells. Characteristic photovoltaic parameters including the open-circuit
voltage, short-circuit current density, fill factor, and power-conversion efficiency are comparatively
described for the different device structures, and future perspectives in the field are discussed.

Incorporating a small amount of nanofillers into polymers is an effective approach to enhance
their electrical breakdown strength [24]. However, nanoparticle surface modification and/or chemical
grafting to the matrix are generally required to attain strong nanofiller-matrix interfacial adhesion and
homogeneous nanoparticle dispersion. Accordingly, surface modified MgO, TiO2, Al2O3, and ZnO
nanoparticles have been modified by a silane coupling agent and then incorporated into dielectric
polymers such as polypropylene (PP), polyester, and polyimide (PI) to fabricate nanocomposite
dielectric materials [25]. In this regard, Min et al. [26] fabricated PP/Al2O3 nanocomposites with
silane-modified Al2O3 contents in the range of 0.5–2 wt % via ultrasonication followed by melt
blending, and their trap distribution and dc electrical breakdown properties were measured. It was
found that the nanocomposites with the lowest loading displayed the best electrical breakdown
strength, attributed to the formation of isolated interfacial regions that reduced the effective carrier
mobility and strengthened the interaction between molecular chains, thereby hindering the charge
transport and the displacement of molecular chains with occupied deep traps. Nanocomposites
based on other commodity thermoplastic polymers such as polyethylene congeners (i.e., LDPE,
HDPE, and XLPE) are widely used as dielectric materials, in particular for power cable insulation.
Continuing progress in this topic, Pleşa et al. [27] reviewed the structure-property relationships of these
nanocomposites and their electrical performance. In particular, their electrical conductivity, relative
permittivity, dielectric losses, partial discharges, space charge, electrical and water tree resistance
behavior, and electric breakdown are discussed in detail.

Besides the investigation on the nanoparticle dispersion and nanofiller-matrix interfacial adhesion,
other parameters such as the polymer conformation, packing, and dynamics of adsorption at the
matrix-nanoparticle interface have been investigated by several authors [28,29]. Continuing progress in
this topic, Song et al. [30] analyzed the effect of the polymer chain topology structure on the adsorption
behavior at the polymer-nanoparticle interface by coarse-grained molecular dynamics simulations.
For weak polymer-nanoparticle interactions, ring chains with a closed topology structure prevail at the
interfacial region, whereas for strong interactions, linear chain preferential adsorption takes place. These
results are interesting for the design of high-performance nanocomposites with tailored morphology.

Another current interesting topic is the incorporation of nanoparticles into hydrogels, which leads
to multifunctional nanocomposite polymers widely used in a number of applications, ranging from
drug delivery to bioimaging and tissue engineering. Dannert et al. [31] reviewed different reported
methods to integrate nanoparticles into hydrogels, the interactions in these composites, and how these
support the enhanced mechanical and optical properties of the hydrogels, including their self-healing
ability. Furthermore, the ability of the nanofillers to tailor the equilibrium swelling and elasticity
of the hydrogels is discussed, as well as the use of this type of polymers as dispersing agents for
nanomaterials, consequently enabling an improved performance in catalytic and sensor applications.
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Abstract: Nanocomposites of poly(3-hydroxybutyrate-co-3-hydroxyvalerate) (PHBV) and tungsten
disulfide inorganic nanotubes (INT-WS2) were prepared by blending in solution, and the effects of
INT-WS2 on the isothermal crystallization behavior and kinetics of PHBV were investigated for the
first time. The isothermal crystallization process was studied in detail using various techniques, with
emphasis on the role of INT-WS2 concentration. Differential scanning calorimetry (DSC) and polarized
optical microscopy (POM) showed that, in the nucleation-controlled regime, crystallization rates
of PHBV in the nanocomposites are influenced by the INT-WS2 loading. Our results demonstrated
that low loadings of INT-WS2 (0.1–1.0 wt %) increased the crystallization rates of PHBV, reducing
the fold surface free energy by up to 24%. This is ascribed to the high nucleation efficiency of
INT-WS2 on the crystallization of PHBV. These observations facilitate a deeper understanding of
the structure-property relationships in PHBV biopolymer nanocomposites and are useful for their
practical applications.

Keywords: inorganic nanotubes; PHBV; nanomaterials; morphology; crystallization kinetics

1. Introduction

Over recent years, bio-based products have attracted increasing interest due to escalating
environmental concerns and diminishing fossil resources [1]. Consequently, there is and has
been a growing demand and interest, in both academic and industrial realms, to investigate
biopolymers (i.e., polymeric material of non-fossil, biological origin) and develop strategies that
can implement them for societal needs. Biopolymers can be broadly classified into two main
categories: agropolymers, such as starch and other carbohydrates, proteins, etc., and biodegradable
polymers, such as polyhydroxyalkanoates (PHAs), poly(lactic acid), etc. Biosynthetic polymers
such as PHAs are linear, aliphatic polyesters that are produced by a microbial process in a
sugar-based medium, where in certain bacteria they act as carbon (energy) storage banks [2].
A family of these materials from over 150 different monomers can be obtained with incredibly
diverse properties [3]. Of these, polyhydroxybutyrate (PHB), polyhydroxyvalerate (PHV), and their
copolymers poly(hydroxybutyrate-co-hydroxyvalerate) (PHBV), are commonly used matrices in bio
and eco-composites [4]. Whilst PHB exhibits high stiffness and crystallinity, the incorporation of
3-hydroxyvalerate (HV) groups in a random copolymer with 3-hydroxybutyrate (HB) is a strategy used
to increase the flexibility and processing capabilities of the polymer, reducing stiffness, melting point
and crystallinity of the copolymer on increasing the HV content [3]. Despite improved thermal and
mechanical properties, PHBV still presents some disadvantages, which include a narrow processing
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window, a slow crystallization rate, and low values of strain-at-break, along with a higher cost when
compared with petroleum-based synthetic polymers [5]. To solve the aforementioned limitations,
methods such as physical blending or chemical structure design combined with processing conditions
can be applied to improve the performance of PHA products [3,6].

Nanocomposite strategies have been suggested to overcome the inherent shortcomings of
biopolymer-based materials, and nano-biocomposites obtained by introducing nanofillers into
biopolymers result in very promising materials, manifesting improved thermal and mechanical
properties whilst maintaining material biodegradability, without introducing toxicity [6]. These find
applications mainly in packaging, agriculture, and biomedical or hygiene devices, and represent an
emerging alternative towards environmentally benign and economically viable chemical production [7].
Depending on the processing conditions from the melt into the solid state, biopolymeric materials
may partially crystallize into a semicrystalline morphology that affects the aforementioned relevant
properties. For this reason, numerous studies have been undertaken to characterize the crystallization
behavior and to control the crystallinity, the crystallization kinetics, the spherulitic superstructure,
or the crystal polymorphism, employing calorimetry and optical microscopy techniques [3,8].
In particular, calorimetry enables quantification of transition temperatures and enthalpies in isothermal
and non-isothermal modes. Lorenzo et al. [8] have suggested a methodology for the minimization of
possible errors associated with data manipulation in the measurement and analysis of conventional
experimental DSC data. Isothermal crystallization experiments performed by DSC showed an increase
in the crystallization kinetics of polycaprolactone (PCL) with increases in carbon nanotubes content
as a consequence of the supernucleation effect [9]. Making use of fast scanning chip calorimeters
and combining both approaches allowed them to shed further light on fundamental details of the
polymer-crystallization process [10]. Furthermore, systematic studies of nucleation, crystallization,
melting, and reorganization are made possible for a large number of polymers. In particular, promising
research serving as a conceptual study to quantitatively approach the link between the condition of
cooling the melt of crystallizable polymers, the formation of crystal nuclei and the cold-crystallization
behavior have been successfully developed [11].

The enhancement of biodegradability, biocompatibility, thermal conductivity and mechanical
proprieties of biopolymeric materials can be achieved by adding nanofillers [12–15]. On the other
hand, the use of layered transition metal dichalcogenide nanofillers such as tungsten and molybdenum
disulfide (WS2, MoS2) inorganic fullerenes (IFs) and inorganic nanotubes (INTs) [16,17] is expected to
produce advanced nanocomposite materials [18,19]. As well as unique electronic and mechanochemical
behavior, these novel nanomaterials show remarkable properties like high impact resistance and
flexibility under tensile stress, excellent tribological behavior, superior fracture resistance to shockwaves,
and simple and relatively inexpensive fabrication methods [20]. Recently, the incorporation of WS2 in
polymer systems has demonstrated a range opportunities for many new applications. For example,
IF-WS2 nanoparticles were used to produce advanced nylon-6 nanocomposites [21]. In particular,
it was shown that introducing IF-WS2 nanoparticles into nylon-6 provoked a strong nucleation effect
which induced changes in the crystal growth process. In the same way, the addition of low WS2

loadings strongly increased the crystallization rate of PHBV [22]. For these systems, drawing induced
during melt crystallization process has been shown to vary the crystalline structure (i.e., from α to β)
leading to improved mechanical properties in melt-spun bio-based PHBV fibers [23]. Similarly, WS2

nanotubes (INT-WS2) have been shown to improve the thermal, mechanical and tribological properties
of biopolymers like poly(3-hydroxybutyrate) (PHB) [24] and poly(L-lactic acid) (PLLA) [25], and
the bio-applied polymer poly(ether ether ketone) (PEEK) [26]. Additionally, from an environmental
viewpoint, INT-WS2 have demonstrated much lower cytotoxicity than other nanoparticle fillers, such
as silica or carbon black [27] and have shown promise with respect to biocompatibility in the case of
salivary gland cells [28].

The present work continues progress in this field and is centered on the incorporation of INT-WS2

as nanoreinforcements to improve the processability and performance of PHBV. Scanning electron
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microscopy (SEM) observations revealed that an excellent dispersion of highly efficient INT-WS2

nucleating agents was achieved, leading to composites with substantially enhanced thermal and
mechanical properties [29]. However, to date the influence of the nanofiller on the crystallization
behavior and kinetics of PHBV under isothermal conditions has not been investigated. Here, this
process is studied in detail using differential scanning calorimetry (DSC) and polarized optical
microscopy (POM) techniques, with particular emphasis on the role of INT-WS2 concentration.
The research reported provides a better understanding of the structure-property relationship of PHBV
biopolymer nanocomposites, with an outlook towards extending their practical applications.

2. Experimental Section

2.1. Materials and Processing

The PHBV biopolymer employed, containing 2.0 wt % hydroxyvalerate (HV) with a reported
Mw = 410 kg mol−1, was obtained in powder form from Goodfellow Cambridge, Ltd. (Huntingdon,
UK) and used as received. The tungsten disulfide inorganic nanotubes (INT-WS2) were provided by
NanoMaterials, Ltd. (Yavne, Israel) and used without chemical modification. Several formulations
of PHBV/INT-WS2 (0.1, 0.5 and 1.0 wt %) nanocomposites were prepared [29]. The nanofiller was
dispersed in a solution of PHBV in chloroform (HPLC grade, Sigma-Aldrich Química SL, Madrid,
Spain), which was subsequently precipitated in methanol (HPLC grade, Sigma-Aldrich Química SL,
Madrid, Spain), then filtered and dried in a vacuum oven at 50 ◦C for 24 h.

2.2. Characterization Techniques

2.2.1. Differential Scanning Calorimetry (DSC)

The isothermal crystallization and melting behavior of the new nanocomposites were studied
using a Perkin Elmer DSC7/Pyris differential scanning calorimeter (Perkin-Elmer España SL, Madrid,
Spain). The instrument was calibrated for temperature and heat flow using high purity indium and
zinc standard. A tau lag calibration of the instrument for different heating rates was performed
using indium. The experimental and theoretical procedures used in this study are similar to those
employed in our previous publications for PLLA/INT-WS2 [25] and nylon-6/IF-WS2 [21]. In this
case, samples of 6–11 mg were placed in sealed 40 μL aluminum pans under a flowing nitrogen
atmosphere. Before cooling, the samples were maintained for 5 min at 180 ◦C to erase any prior
thermo-mechanical history and to assure maximum thermal stability of the components as well as
the reproducibility of the results. Then the molten samples were cooled at fastest achievable rate of
64 ◦C min−1 to specific isothermal crystallization temperatures (Tc) and maintained until crystallization
was completed (i.e., complete return to baseline), and the heat evolved during crystallization was
recorded as a function of time at selected Tc. Pyris DSC7 kinetic software was used to obtain partial
areas from the data points of the exotherm, corresponding to a given degree of the total crystalline
transformation. The crystallinity of PHBV in the samples was determined, after normalizing for
filler content, using a value of ΔHm for 100% crystalline PHBV (low HV content) of 146 J g−1 [3,30].
The isothermal crystallization step was followed by a heating step up to 180 ◦C at a rate of 5 ◦C min−1,
and melting temperatures (Tm) were taken as the peak maxima of the melting endotherms.

2.2.2. Polarized Optical Microscopy (POM)

Polarized optical microscopy (POM) was used to investigate the spherulitic morphology of neat
PHBV and the PHBV/INT-WS2 nanocomposites employing a Mettler FP-80HT (Mettler-Toledo SAE,
Barcelona, Spain) hot stage on a Reichert Zetopan Pol polarizing microscope equipped with a Nikon
FX35A 35 mm SLR camera. The isothermal crystallization cycles consisted in a 5-min hold period at
180 ◦C followed by rapid cooling at 20 ◦C min−1 to specific crystallization temperatures, Tc = 110 ◦C,
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112 ◦C and 122 ◦C. Samples were maintained at Tc for enough time to allow the monitorization of the
spherulitic growth process.

3. Results

3.1. Isothermal Crystallization

The physical and mechanical properties of semicrystalline polymers depend on the morphology,
the crystalline structure and the degree of crystallinity. Much effort has been devoted to study
the isothermal crystallization kinetics of new PHBV/INT-WS2 bionanocomposites, with a view
to control the crystallization rate, degree of crystallinity and, consequently, its morphology and
properties. In this respect, the isothermal melt crystallization kinetics of neat PHBV and its
nanocomposites was investigated with DSC over a wide range of crystallization temperatures from
94 ◦C to 130 ◦C. The curves in Figure 1 indicate the total time for the complete crystallization process
at the above-mentioned temperatures and are truncated at the time when no further crystallization
was evident by DSC. Figure 1a shows that at higher Tc more time is required to fully crystallize the
pure PHBV sample. At lower Tc the curves shifted to shorter times, indicating increased crystallization
rates directly proportional to the isothermal crystallization temperature employed. The crystallization
behavior of the nanocomposites with temperature was similar, Figure 1b–d. These results are consistent
with the theory of crystallization kinetics, implying that as the supercooling (i.e., the difference between
the melting and crystallization temperatures) increases, the crystallization rate accelerates and the
crystallization exotherm becomes sharper, controlled in turn by the evolution of the number of crystal
nuclei formed during crystallization process of the biopolymer matrix. In previous studies on the
nucleation behavior of PLLA reported by Androsch et al. [11], it was shown that isothermal formation
of crystal nuclei at high supercooling of the melt can be quantified by the analysis of crystallization at
elevated temperature.

Figure 1. Differential scanning calorimetry (DSC) thermograms of isothermal crystallization of
(a) PHBV; (b) poly(3-hydroxybutyrate-co-3-hydroxyvalerate)/ tungsten disulfide inorganic nanotubes
(PHBV/INT-WS2) (0.1 wt %); (c) PHBV/INT-WS2 (0.5 wt %) and (d) PHBV/INT-WS2 (1.0 wt %)
obtained at the indicated crystallization temperatures.
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By comparing Figure 1a with Figure 1b–d, it is clear that at the Tc the exothermic peaks for the
nanocomposites are in all cases sharper than those for pure PHBV indicating that the INT-WS2

accelerates the crystallization process of the polymer in the nanocomposites. The reduction in
the time to reach overall crystallization can be employed to describe this acceleration process.
For example, the PHBV copolymer without INT-WS2 fully crystallized after approximately 120 min
at Tc = 110 ◦C, whereas for the 0.5 wt % nanocomposite material it took less than 4 min at Tc = 116
◦C (i.e., at a temperature of 4 ◦C higher than that of the pure polymer). From the data it can be
seen that the incorporation of low INT-WS2 weight-fractions in PHBV nanocomposite allows the
crystallization to take place at higher temperatures and over larger intervals (96–110 ◦C for PHBV,
116–126 ◦C for PHBV/INT-WS2 (0.1 wt %), 104–112 ◦C PHBV/INT-WS2 (0.5 wt %) and 118–128 ◦C for
PHBV/INT-WS2 (1.0 wt %).

The relative crystallinity, X(t), can be defined by the following expression:

X(t) =

∫ t
0

dH(t)
dt dt∫ t∞

0
dH(t)

dt dt
=

ΔHt

ΔH∞
(1)

where dH/dt is the heat flow rate; ΔHt is the heat generated at time t; ΔH∞ is the total heat generated
to the end of the crystallization process. The classical Avrami Equation (2) was employed to describe
the isothermal crystallization kinetics:

X(t) = 1 − exp(−ktn) (2)

where n is the Avrami exponent, which is a constant that depends on the nucleation mechanism and
type of crystal growth, and k is the Avrami rate constant associated with nucleation and growth rate
parameters. Equation (2) can be rewritten as:

log[− ln(1 − X(t))] = log k + n log t (3)

and the values of log [−ln(1 − X(t))] plotted versus log t, allowing the Avrami exponent n and the
crystallization rate constant k to be calculated from the slope and intercept of the linear fit, respectively.
It is rare that the Avarmi equation can be used to describe the entire crystallization process, but is
widely accepted as valid at the early stage of crystallization, as previously reported in our studies for
nylon-6/IF-WS2 [21] and PLLA/INT-WS2 [25]. Linear regressions of these straight lines at low levels of
crystalline transformation (5–40%) yielded the Avrami exponents (n) shown in Table 1. As an example,
Figure 2 illustrates the Avrami plots for both neat PHBV and PHBV/INT-WS2 (1.0 wt %) at different
crystallization temperatures and the data are represented in Table 1. The average values obtained for n
varied with the INT-WS2 concentration: n ≈ 3.0 for neat PHBV, n ≈ 3.3 for PHBV/INT-WS2 (0.1 wt %),
n ≈ 4.2 for PHBV/INT-WS2 (0.5 wt %) and n ≈ 4.4 for PHBV/INT-WS2 (1.0 wt %). According to the
ideal case of the Avrami equation for nucleated crystallization with three-dimensional crystal growth,
the value of the exponent should be n = 3 [31]. A value of n = 4 indicates ideal three-dimensional
growth with a linear increase in nucleation sites over time due to heterogeneous nucleation, which
was expected for the binary composite materials with the addition of nanoparticles. However, the
ideal state was not achieved during the crystallization process probably due to athermal crystallization
and/or imperfections within the polymer network (entanglements, single chains transversing multiple
lamellae, etc.) as well as secondary crystallization processes, mixed nucleation modes and the change
in material density [3]. Moreover, even some experimental factors such as an error introduced in the
determination of the onset of crystallization or induction time, the establishment of the baseline and
incomplete isothermal crystallization data, the effect of the cooling rate from the melt to the isothermal
crystallization temperature and the conversion range employed for the fitting can lead to non-integer
values of n [8]. In addition, the supernucleation effect of the nanotubes could also be connected to
the variation of the n exponents [9]. The values of n reported in the literature for PHBV systems are
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dispersed, ranging from 1.7 to 4 [3]. Liu et al. [32] also obtained n values of 2.0–2.2 for P(3HB-co-3HV)
(6.6 mol % HV). Chan et al. [33], however, obtained n values across a range of HV contents of 2.35–2.7,
and Saad et al. [34] obtained an exponent of 3.8 for thin P(3HB) films. Meanwhile, Xu et al. [35] applied
the Avrami equation to IR data for isothermal crystallization of P(3HB) and Nodax (P(3HB-co-3HHx))
and obtained an n value of 1.72 and 2.08 respectively, indicating that a heterogeneous nucleation
mechanism exists in this case. Nonetheless, the increase of the Avrami exponent compared to the neat
sample did justify the fact that the initial nucleation stage was enhanced by the nanoparticles. With the
linearized Avrami plots, the intercept value is ln(k) and the overall rate constant (k) is easily determined.

Figure 2. Avrami plots of the crystallization of (a) PHBV and (b) PHBV/INT-WS2 (1.0 wt %) as a
function of the crystallization temperature (Tc).
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Table 1. Isothermal crystallization parameters of PHBV and PHBV/INT-WS2 nanocomposites.
Tc = crystallization temperature, τ0.5 = the time needed to reach 50% crystalline transformation,
n = Avrami exponent, kn = overall rate constant, Tm = melting temperature and σe = fold surface
free energy. (*) The main error arises from baseline selection during data processing. We estimate the
following errors: ±1 J/g for (ΔHt) and ±100 for Δ(τ0.5).

INT-WS2

Content (wt %)
Tc (◦C) τ0.5 (min) n kn × 105 Tm1/Tm2 (◦C) σe (erg cm−2)

0

96 2.4 4.4 ± 0.1 15.65 149.6/160.0

75 ± 3

98 3.3 3.8 ± 0.1 7.31 148.5/159.5
100 4.9 3.3 ± 0.1 3.71 147.5/158.0
102 6.9 2.9 ± 0.2 2.51 147.1/157.3
104 9.5 2.7 ± 0.1 1.5 146.9/156.8
106 15.1 2.5 ± 0.1 0.77 145.7/154.9
108 26.3 2.3 ± 0.1 0.42 144.7/153.6
110 49.3 2.0 ± 0.2 0.28 145.2/155.8

0.1

104 3 4.0 ± 0.1 8.49 145.2/155.8

57 ± 2
106 5.2 3.6 ± 0.1 1.83 144.2/154.4
108 9.3 3.3 ± 0.2 0.43 144.1/153.7
110 19 3.0 ± 0.1 0.1 144.4/153.0
112 37.2 2.7 ± 0.1 0.05 144.8/152.3

0.5

116 1.4 5.2 ± 0.1 145.23 156.7/165.2

71 ± 3

118 2.2 4.6 ± 0.2 17.5 154.6/165.2
120 4.1 4.2 ± 0.1 1.84 153.6/161.2
122 8.6 3.9 ± 0.1 0.16 153.3/160.0
124 19.5 3.7 ± 0.2 0.01 153
126 47.6 3.8 ± 0.2 0.003 152.5

1

118 2.3 4.6 ± 0.1 14.37 152.4/160.8

58 ± 2

120 3.8 4.3 ± 0.1 2.29 152.7/160.3
122 6.3 4.1 ± 0.1 0.34 153.1/160.0
124 10.8 4.1 ± 0.2 0.04 153.8/160.3
126 19 3.9 ± 0.2 0.01 154
128 34.9 4.0 ± 0.2 0.005 154.7

Another common way to estimate the overall rate constant, also k, is by the well-fitting logarithmic
representation of the following expression [36]:

kn =
ln 2

(τ0.5)
n (4)

where τ0.5 is the time needed to reach 50% crystalline transformation. Values of kn obtained for both
neat PHBV and its nanocomposites are represented in Figure 3, where the effect of the crystallization
temperature (Tc) and INT-WS2 concentration on the overall crystallization rate can be observed
(Table 1). By increasing Tc from 96 ◦C to 110 ◦C, the crystallization of neat PHBV becomes hindered
and kn decreases due to the excessive mobility of the polymer chains that reduces the development of
nucleation sites at the higher temperature. A similar phenomenon takes place for PHBV/INT-WS2

(1.0 wt %) in the range of 118–128 ◦C. The values of kn for the nanocomposites were found to be higher
in all cases than those for PHBV. Whilst PHBV presented a value of kn ≈ 2.51 × 10−5 at Tc = 102 ◦C,
in the case of the nanocomposites, the values of kn of around the same order were obtained at 120 ◦C
for a concentration of 1.0 wt % of INT-WS2. The results show that INT-WS2 nanoparticles are effective
nucleating agents for PHBV, promoting the nucleation of the crystallization of the polymer chains
at small nanofiller loadings, without altering its crystal structure [29]. Additionally, the presence of
increasing content of INT-WS2 also improves the crystallinity of PHBV, as can be seen in Figure 4.
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y = -0.2838x + 22.946
R² = 0.995

y = -0.6588x + 63.564
R² = 0.9854

y = -1.1255x + 128.64
R² = 0.9934

y = -0.9472x + 107.55
R² = 0.9976

Figure 3. Logarithmic plots of the global rate constant (k) of PHBV/INT-WS2 nanocomposites as
a function of the crystallization temperature (Tc); the inset represents the inverse of crystallization
half-time (1/τ0.5) as a function of Tc.

Figure 4. Variation of the crystallinity of isothermal crystallization of PHBV/INT-WS2 nanocomposites
as a function of the crystallization temperature (Tc).

Hereafter, the melting behavior of PHBV/INT-WS2 will be presented in order to understand
the dependence of the double melting temperatures of PHBV with composition. Figure 5 shows
the DSC melting curves obtained in this study after isothermal crystallization at different Tc for
PHBV/INT-WS2 (1.0 wt %), where a clear double melting behavior was observed and the results for
all samples are summarized in Table 1. No clear difference was observed in the evolution of the double
melting temperature with INT-WS2 due the large shift of the crystallization interval of PHBV to higher
temperature and direct temperature comparisons were not feasible (i.e., the measurable temperature
range for neat PHBV was 96–110 ◦C, whereas for the 1.0 wt % nanocomposite, the measurable
temperature range was 118–128 ◦C).
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Figure 5. Melting DSC thermograms of PHBV/INT-WS2 (1.0 wt %) nanocomposite obtained at a
heating rate of 5 ◦C min−1 after isothermal crystallization at the indicated temperatures.

3.2. Crystallization Activation Energy

For further insight into the crystallization behavior of PHBV and its nanocomposites, the free
energy of folding (σe) was calculated using the Lauritzen and Hoffman (L–H) model [37,38], previously
adopted to calculate the isothermal crystallization activation energy of nylon-6/IF-WS2 [21] and
PLLA/INT-WS2 [25]. In this approximation, σe represents the energy required to fold the polymer
chains during crystallization. In agreement with the kinetic theory of crystallization and independent
regime type, the crystallization rate (G) can be expressed as:

G = G0 exp[− U∗

R(Tc − T0)
] exp[− Kg(III)

f TcΔT
] (5)

where G0 is a temperature independent pre-exponential term, U* is the activation energy required
for chain movement (2.45 × 106 cal kmol−1), T0 is the temperature at which there is no chain motion
(usually T0 = Tg − 51.6 K), R is the universal gas constant, ΔT is the undercooling, or T0

m − Tc where
T0

m is the equilibrium melting temperature, f is a correction factor that accounts for the variation of
the equilibrium melting enthalpy (ΔH0

m) with temperature, defined as 2Tc/(Tc + T0
m), and Kg is the

nucleation constant for Regime III [3,39], which can be expressed by:

Kg(I I I) =
4b0σuσeT0

m

kBΔH0
m

(6)

where k is the Boltzmann constant, 1.38 × 10−26 kJ K−1, b0 = 7.2 nm and corresponds to the thickness
of a single crystalline monolayer added during growth [3], and σe and σu are the basal and lateral
interfacial free energies of the crystallite, respectively. The logarithmic representation of the first term
of Equation (5) versus 1/fTcΔT is presented in Figure 6 for all the samples analyzed, and the linear
fits observed support unique regime behavior. The values of Kg(III) were calculated from the slopes of
these plots.
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y = -11.113x + 39.921
R² = 0.9733

y = -20.854x + 75.476
R² = 0.9774

y = -27.546x + 112.86
R² = 0.9961

y = -19.511x + 82.08
R² = 0.9985

Figure 6. Logarithmic plots of Lauritzen and Hoffman (L–H) equation for PHBV/INT-WS2 nanocomposites.

Although the literature values found for ΔHm vary considerable since they are fundamentally
conditioned by the determination method [3], the influence of this experimental variability in
the comparative analysis of the values of the interfacial free energies can be eliminated by
applying the Hoffman approximation [38], which determines the interfacial free energy using the
following expression:

σu = αΔH0
m
√

a0b0 (7)

where α = 0.24 (for high melting polyesters) and a0b0 = 38.01 Å [40] that corresponds to the chain
cross-section in the PHBV crystal. Thus, the basal interfacial free energy can be derived from the
following equation:

σe =
kBKg(I I I)

4b0T0
mα

√
a0b0

(8)

Under these considerations and based on our previous studies of the isothermal crystallization
of polymer/WS2 systems [21,25], the values of σe obtained for PHBV, PHBV/INT-WS2 (0.1 wt %),
PHBV/INT-WS2 (0.5 wt %) and PHBV/INT-WS2 (1.0 wt %) are around 75, 57, 71 and 58 erg cm−2,
respectively. There is a clear trend for decreasing values of σe as the INT-WS2 content is increased.
From these results, we can conclude that between around 6–24% lower energy is required to generate
crystalline nuclei of PHBV, which in turn also promotes the formation of new PHBV crystal surfaces.
This excellent matching suggests that PHBV crystals might grow on the INT-WS2 surface by an epitaxial
mechanism in absence of the chemical interaction between the INT-WS2 and PHBV. More in-depth
experiments will be conducted to verify this proposal in a future study.

3.3. Spherulitic Growth Analysis from POM Observation

Optical light microscopy images of crystals produced during the isothermal crystallization
of PHBV and its nanocomposite containing INT-WS2 were obtained. As an example, Figures 7
and 8 shows the spherulitic morphology of neat PHBV and PHBV/INT-WS2 (1.0 wt %) isothermally
crystallized at 100 ◦C and 122 ◦C, respectively.
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PHBV PHBV/INT-WS2 (1.0 wt.%)

Figure 7. POM images of PHBV/INT-WS2 nanocomposites. PHBV: (a–f) are images taken at
8 min; 12 min; 23 min; 30 min; 37 min and after 60 min rapidly cooled to 80 ◦C, respectively; and
PHBV/INT-WS2 (1.0 wt %): (g–l) are images taken at 4 min; 5 min; 6 min; 7 min, 8 min and 10 min,
respectively. Scale bar 100 μm.

The mainly circular superstructures are indicative of the formation of a central nucleus followed
by radial, outward growth, as expected. In Figure 7e crystal diameters of approximately 130 μm
were observed after 37 min and in Figure 7k crystal diameters of 140 μm were seen after only
8 min. This observation further confirms the acceleration of the crystallization process of PHBV
by incorporation of INT-WS2. Another effect observed in the nucleated systems was an average
decrease in crystal diameters of the neighboring spherulites before impingement. This was due to
a higher density of nucleation sites and faster crystal formation compared to the neat copolymer.
Assuming linear, constant growth rates, a linear slope of the growth diameter with respect to time for
the four samples clearly indicated that crystal growth is faster in the samples containing INT-WS2

than in the pure PHBV sample (Figure 8). The crystal growth rates for neat PHBV are 0.54 and
0.92 μm min−1 at Tc = 110 ◦C and 112 ◦C, respectively. The crystal growth rates for the 0.1, 0.5 and
1.0 wt % nanocomposites are 2.61, 4.48, and 8.62 μm min−1, which is sixteen times faster for the
1.0 wt % sample compared to the neat polymer at the two different Tc values. Another way to interpret
this figure is by comparing the time required for the spherulites to reach a certain diameter. To
reach a diameter of, for example, 35 μm at Tc = 122 ◦C, inorganic nanotube fractions of 1.0 wt %, a
0.5 wt %, and 0.1 wt % in PHBV, needed approximately 4, 8, and 13 min, respectively. However, a
neat PHBV sample requires around 38 and 65 min for Tc = 110 ◦C and 112 ◦C, respectively. This is
another clear indication of the increase in the crystallization rate of PHBV due to the incorporation
of the well-dispersed INT-WS2 nanofiller. In particular, the increasing slope of the growth rate of the
spherulite radii as a function of INT-WS2 concentration may be due to the increased nucleation sites
available thus facilitating accelerated growth in either case. More research would be required.
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y = 0.9027x + 0.3399
R² = 0.9974

y = 0.5229x + 2.2741
R² = 0.999

y = 2.5231x + 2.8141
R² = 0.9971y = 4.3089x + 2.9703

R² = 0.9882

y = 8.79x - 1.2
R² = 0.9796

Figure 8. Isothermal spherulitic radii of PHBV/INT-WS2 nanocomposites obtained at the indicated
crystallization temperatures.

4. Conclusions

From the melt-crystallization measurements, it was shown that INT-WS2 strongly affect the
crystallization of PHBV polymer. INT-WS2 accelerate the crystallization process of PHBV in the
nanocomposites and shift the crystallization temperature/interval for PHBV to higher temperatures
with increasing INT-WS2 content. The experimental data fitted very well to the Avrami kinetic
model. In particular, it was found that the value of the Avrami exponent n for PHBV/INT-WS2

nanocomposites increased compared to that for neat PHBV, and the analysis of the activation energy
of crystallization regime III using the Lauritzen and Hoffman (L–H) model showed that for the
PHBV/INT-WS2 nanocomposites, the fold surface free energy (σe) of PHBV chains decreased with
increasing INT-WS2 content. Similarly, the variation of the spherulitic radii of PHBV with crystallization
time and concentration of nanofiller, calculated from the POM micrographs, also supports the
spherulite growth-accelerating effect of PHBV. While the crystallization occurred at much higher
temperatures with the incorporation of INT-WS2, the direct comparisons of crystallization rates were
not quantifiable at equivalent temperatures because of the acceleration effect of the doped materials.
This new knowledge obtained from the crystallization kinetics of the PHBV biopolymer and its
nanocomposites can provide an essential benchmark for optimizing the design and processing of
PHBV-based thermoplastic materials with desirable properties.
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Abstract: A novel graphene-based nanocomposite particles (NH2-rGO/WS2), composed of reduced
graphene oxide (rGO) and tungsten disulfide (WS2) grafted with active amino groups
(NH2-rGO/WS2), was successfully synthesized by an effective and facile method. NH2-rGO/WS2

nanoparticles were then used to fabricate new bismaleimide (BMI) composites (NH2-rGO/WS2/BMI)
via a casting method. The results demonstrated that a suitable amount of NH2-rGO/WS2

nanoparticles significantly improved the mechanical properties of the BMI resin. When the loading
of NH2-rGO/WS2 was only 0.6 wt %, the impact and flexural strength of the composites increased
by 91.3% and 62.6%, respectively, compared to the neat BMI resin. Rare studies have reported such
tremendous enhancements on the mechanical properties of the BMI resin with trace amounts of
fillers. This is attributable to the unique layered structure of NH2-rGO/WS2 nanoparticles, fine
interfacial adhesion, and uniform dispersion of NH2-rGO/WS2 in the BMI resin. Besides, the thermal
gravimetrical analysis (TGA) revealed that the addition of NH2-rGO/WS2 could also improve the
stability of the composites.

Keywords: reduced graphene oxide; graphene-like WS2; bismaleimide; mechanical properties

1. Introduction

Bismaleimide (BMI) resins are a family of thermosetting polymers which have been leading
contenders as matrix resins in many cutting-edge fields, especially in aerospace materials sector [1],
due to the excellent thermal stability [2], good processability [3], remarkable mechanical properties [4],
and prominent dielectric properties [5]. However, the biggest drawback of cured BMI resins is
brittleness, which results from the high degree of crosslinking and multiple aromatic structure [6,7].
Consequently, unremitting efforts are made to modify BMI resins to reduce inherent brittleness and
achieve elevated properties to satisfy various demands in advanced areas.

A series of studies has revealed that the incorporation of graphene and its derivatives into BMI
resins can contribute to significant enhancements of mechanical properties [8]. Graphene oxide (GO) is
found in a two-dimensional layered structure that consists of sp2-hybridized carbon atoms in the form
of hexagonal rings [9]. The presence of functional oxygen groups, like epoxy, hydroxyl, and carboxylic
groups, on the basal and edge planes, enlarges the basal spacing of GO and makes the material
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hydrophilic [10]. GO is a promising substitute for other nanofillers in composites considering the high
specific surface area [11], excellent mechanical strength [12], thermal conductivity [13], and electrical
properties [14]. In previous reports, functionalized graphene nanosheets with aniline groups on
the surfaces (FGN), phosphorous-containing polyhedral oligomeric silsesquioxane-functionalized
graphene oxide (P-POSS-GO), and magnetic GO nanosheets (GNS-Fe3O4@PZM), were synthesized and
used to modify BMI resin in trace amounts [15–17]. The maximum flexural and impact strength among
these studies were 163 MPa and 19.15 kJ/m2, respectively. However, the percentage of increment of
the flexural and impact strength were dissatisfactory. These results showed that graphene and its
derivatives could only slightly improve the mechanical properties of BMI resins so that new particles
should be prepared for further modification.

Numerous studies have pointed out that the critical defect of GO lay in the tendency of irreversible
agglomeration during processing, due to the large specific surface area and strong van der Waals forces
between GO sheets [18]. Recently, two-dimensional transition metal dichalcogenides (TMDs) have
captured more attention since they can be fabricated into the graphene-like structure [19], presenting
remarkable chemical, physical, and electrical properties [20]. As a member of TMDs, WS2 is formed
by hexagonally arranged sulfur atoms linked to a tungsten atom and separated by a weak van der
Waals gap [21]. With similar morphology and layered structure, GO can be exploited as a buffer layer
to form a three-dimensional structure with graphene-like WS2. This structure exhibits pure graphene
characteristics and prevents the aggregation of GO caused by van der Waals forces [22]. To the best of
our knowledge, GO/WS2 nanoparticles were widely used as electrocatalysts in electrochemistry [23];
few researchers have incorporated them into matrix resins to elevate mechanical properties.

It is worthy noting that interfacial interaction between graphene-based nanoparticles and the
polymeric matrix plays a significant role in achieving the optimal enhancements of the mechanical
properties of the composites [24]. One developed method to promote stronger interfacial bonds is to
form covalent linkages between graphene-based nanoparticles and the supporting matrix, such as
attaching functional groups to the surface of graphene [25], which also improves the dispersibility
of graphene-based nanoparticles [26,27]. For example, γ-aminopropyltriethoxysilane (APS) is a kind
of coupling agent with active amino groups. When APS is grafted on the surface of graphene-based
nanoparticles, the terminal amino groups can covalently bond with the polymeric matrix, reinforcing
the interfacial interaction and acquiring better mechanical properties.

In this article, a facile and scalable route to prepare NH2-rGO/WS2 hybrid nanoparticles
from reduced graphene oxide and graphene-like WS2 nanosheets was reported. A series of
NH2-rGO/WS2/BMI composites with different loadings of NH2-rGO/WS2 were prepared,
to investigate their structure and effect on properties systematically. Our study revealed that with the
incorporation of suitable amounts of NH2-rGO/WS2 nanoparticles, the BMI composites produced
comparatively higher impact and flexural strength than those of other graphene modified BMI resins
with trace amount of fillers reported in the previous studies [15–17].

2. Materials and Methods

2.1. Reagents and Materials

WS2 powders (<2 μm) were obtained from Macklin Chemistry Co., Ltd. N-methyl-2-pyrrolidone
(NMP), tetrahydrofuran (THF), ethanol, ammonia water, acetone, and hydrazine hydrate
were purchased from Tianjin Tianli Chemical Reagents Co. Ltd. Natural graphite flakes
(325 mesh) were purchased from Qingdao Hensen Graphite Co. Ltd. The graphene oxide (GO)
nanosheets were fabricated from natural graphite flakes via a modified Hummers’ method [28].
γ-Aminopropyltriethoxysilane (APS) was provided by Jingzhou Jianghan Fine Chemical Co. Ltd.
BMI was provided by Rongchang Ning research group at Northwestern Polytechnical University.
Diallyl Bisphenol A (DBA) and 4,4′-bismaleimidodiphenylmethane (BDM) were purchased from
Sigma-Aldrich. All reagents were of analytical grade, and used as received without further purification.

22



Polymers 2018, 10, 1199

2.2. Experimental Section

2.2.1. Synthesis of Graphene Oxide/WS2 Nanosheets (GO/WS2)

Nanostructured WS2 was prepared from commercial bulk WS2 by a mechanochemical treatment
method [29]. In a typical synthesis process, 0.5 g of WS2 and 5.0 g of NaCl, with a ball feed ratio of 1:7,
were added to the agate grinding bowl of a planetary ball mill, grinding for 2 h at a rotation rate of 560 rpm.
The resulted solid was washed by deionized water repeatedly to remove NaCl, and was dried at 100 ◦C
under vacuum for 8 h to obtain the exfoliated WS2 nanosheets (exf-WS2). Then exf-WS2 was dissolved in
NMP and stirred under ultrasound to disperse thoroughly. The obtained solution was centrifugated for
1.5 h at the rotation rate of 4000 rpm, after which the upper half of its volume was collected.

Subsequently, 500 mL of GO aqueous suspension was rotary-evaporated and dispersed in NMP
under ultrasound for 30 min. Then exf-WS2 was added and sonicated for 2 h. The hybrid solution was
kept at 25 ◦C for 4 days, then 1 mL of concentrated hydrochloric acid was added into the solution with
stirring. The mixture was further reacted at 80 ◦C for 1 day, after which it was cooled down to normal
temperature and was transferred to absolute ethanol, filtered, and washed for several times. Finally,
the product was dried at 60 ◦C in vacuum oven for more than 6 h.

2.2.2. Preparation of NH2-rGO/WS2 Hybrid Nanoparticles

The experimental procedures can be concluded as two steps: (1) the reaction to graft APS on the
surface of GO/WS2, and (2) the reducing reaction to obtain NH2-rGO/WS2 using hydrazine hydrate,
and the reduction of GO is aimed at promoting the intercalation with WS2 to prevent the agglomeration
of nanoparticles.

In the first step, GO/WS2 was dispersed in the mixture solution of 350 mL of ethanol and 16 mL
of deionized water. After 30 min ultrasonication, 5 mL of APS, dissolved in 50 mL of ethanol and
4 mL of deionized water, was dropped into GO/WS2 dispersion via a constant-pressure funnel. The
dispersion was heated to 78 ◦C, and maintained for 4 h. Following washing with ethanol repeatedly,
NH2-GO/WS2 nanoparticles were obtained after drying in a vacuum oven at 60 ◦C for 12 h.

In the second step, NH2-GO/WS2 was dispersed in 450 mL of deionized water under ultrasound
for 30 min, and was transferred to a 500 mL three-necked flask holding a mechanical stirrer and
reflux-condenser. Then, 10 mL of ammonia water and 4 mL of hydrazine hydrate were added. The
mixture was heated in oil bath at 98 ◦C for 6 h. The product, abbreviated as NH2-rGO/WS2, was
washed with deionized water several times, and dried in the vacuum oven at 60 ◦C for 8 h. The
synthetic route of NH2-rGO/WS2 is shown in Scheme 1.

Scheme 1. The synthetic route of NH2-rGO/WS2.
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2.2.3. Preparation of NH2-rGO/WS2/BMI Composites

The NH2-rGO/WS2/BMI composites were fabricated using a casting method. With a mass ratio of
3:4, DBA and BDM were blended in a beaker to prepare the pre-polymer, maintaining the temperature
at 140 ◦C until thoroughly melted. Then, a suitable amount of NH2-rGO/WS2 was added to the
pre-polymer and stirred for about 30 min to disperse homogeneously. Subsequently, the mixture was
carefully poured into a pre-heated mold coated with release agent and degassed in the vacuum oven at
150 ◦C for 1 h. Afterwards, the mixture was cured and post-cured following the schedule of 150 ◦C/2 h,
180 ◦C/2 h, 220 ◦C/3 h and 250 ◦C/4h. Finally, the mold cooled down to room temperature, and was
demolded to obtain the samples of NH2-rGO/WS2/BMI composites.

2.3. Characterization

Fourier transform infrared spectra (FT-IR) of the samples were tested from 4000 to 400 cm−1 with
a Nicolet FT-IR 5700 spectrometer (USA), of which the resolution was 2 cm−1. The X-ray diffraction
(XRD) patterns of the samples were determined with a Bruker D8 ADVANCE X-ray diffractometer
emitting Cu Kα radiation (λ = 0.15405 nm). X-ray photoelectron spectroscopy (XPS, Thermal Scientific
K-Alpha XPS spectrometer) was adopted to investigate the elemental composition on the surface and
analyze the valence state of the elements. The transmission electron microscopy (TEM) images were
recorded on a JEOL JEM-200CX instrument.

Impact strength was measured based on GB/T 2567-2008 (Chinese Standard). Samples were
divided into strips of (80 ± 0.2) × (10 ± 0.2) × (4 ± 0.2) mm3 using a cutting machine. The impact
speed towards the center of samples was 2.9 m/s, controlling the extreme deviation under ±10%.
Flexural strength was determined based on GB/T 2567-2008 (Chinese Standard). Samples were cut
into strips of (80 ± 0.2) × (15 ± 0.2) × (4 ± 0.2) mm3. Scanning electron micrographs (SEM) were
carried out on a Hitachi S-570 instrument (Tokyo, Japan) to observe the surface morphology of impact
fracture. Thermal gravimetrical analysis (TGA) were obtained on Perkin Elmer TGA-7 (Waltham,
MA, USA) at a heating rate of 10 ◦C min−1, from 50 to 800 ◦C, in an argon atmosphere. Calorimetry
studies were carried out on a TA Instruments DSC 2920 (TA Instrument, New Castle, DE, USA) under
ultrahigh-purity nitrogen as inert atmosphere, from 30 to 300 ◦C, with a heating rate of 10 ◦C/min.
Thermal conductivity of samples were measured at room temperature by a Hot Disk instrument
(AB Co, Uppsala, Sweden).

3. Results and Discussion

3.1. Characterization of NH2-rGO/WS2 Nanoparticles

The FT-IR spectra of GO and NH2-rGO/WS2 are shown in Figure 1. In the spectrum of GO,
the adsorption band at 3423 cm−1 is assigned to –OH, indicating that GO has been oxidized. The
typical bands at 1643 and 1040 cm−1 are ascribed to C=C and C–O vibrations, respectively. By contrast,
–OH and C–O vibrations at 3423 and 1040 cm−1 disappear in the spectrum of NH2-rGO/WS2, while
the peak of C=C still exists, proving the reduction of GO. In addition, the adsorptions at 3450, 1380,
and 1080 cm−1 are attributed to –NH2, C–N, and Si–O–C, suggesting that APS has been successfully
grafted to the surface of rGO/WS2.

The crystallographic phases of bulk WS2 and NH2-rGO/WS2 was investigated by XRD spectra,
which is shown in Figure 2. The XRD spectrum of bulk WS2 demonstrates highly crystalline hexagonal
structure without any impurities. The strong (002) peak located at 2θ = 14.3◦ corresponded to a
d-spacing of 0.62 nm, according to the Bragg equation, indicating a well-stacked layered structure
along the c axis [30]. The XRD pattern of the bulk WS2 shows sharper and more intense peaks as
compared to NH2-rGO/WS2 nanoparticles, indicating both smaller lattice size and fewer layers of
NH2-rGO/WS2 along the c axis. In the magnification spectrum of XRD, all the diffraction peaks of
NH2-rGO/WS2 can be observed, as well as a new diffraction peak of rGO at 2θ ≈ 24.0◦, confirming
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the triumphant synthesis of NH2-rGO/WS2. The existence of rGO enables further decrease of WS2

layers in NH2-rGO/WS2.

Figure 1. FT-IR spectra of as-prepared GO and NH2-rGO/WS2 nanoparticles.

Figure 2. XRD patterns of bulk WS2 and NH2-rGO/WS2 nanosheets.

XPS is employed to characterize the chemical composition and electronic structure of
NH2-rGO/WS2 nanoparticles. Figure 3a shows the full-band XPS spectrum of NH2-rGO/WS2. Five
obvious peaks can be observed at the binding energies of 285.0, 532.0, 102.0, 162.0, and 34.0 eV, which
are ascribed to C 1s, O 1s, Si 2p, and W 4f, respectively. S atom and W atom come from WS2, while Si
atom derives from APS, which proves APS has been grafted to the surface of rGO/WS2. There are five
peaks (Figure 3b) at the binding energies of 284.4, 284.9, 285.8, 286.7, and 288.9 eV in the spectrum of C
1s, attributed to sp2-hybridized C=C, sp3-hybridized C–C, carbon in C–O bond, carbon in C=O bond,
and a π–π* peak [7]. The S 2p peak-fitting (Figure 3c) clearly reveals two resolved peaks at 162.3 eV
and 163.5 eV, assigned to S 2p3/2 and S 2p1/2. The W 4f peak-fitting spectrum (Figure 3d) exhibits three
peaks at 32.0, 34.1, and 37.3 eV, which are indexed to W 4f7/2, W 4f5/2, and W 5p3/2, respectively [22].
In the spectrum of Si 2p (Figure 3e), two peaks at 101.9 eV and 102.6 eV correspond to Si–O–C bond
and Si–O–Si bond [31]. From the XPS spectra above, active –NH2 functional groups are successfully
grafted on the surface of rGO/WS2.
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Figure 3. XPS spectra of (a) NH2-rGO/WS2, (b) C 1s, (c) S 2p, (d) W 4f and (e) Si 2p of NH2-rGO/WS2.

To better verify the microstructures of WS2 and NH2-rGO/WS2, TEM and HRTEM studies
were carried out. As is shown in Figure 4a,b, WS2 demonstrates a well-layered structure with
d(002) = 0.62 nm and periodic arrays of (100) planes with a W-S lattice spacing of 0.27 nm, which
coincides with the result of XRD analysis and the hexagonal lattice of the WS2 phase. It is labeled in
Figure 4c that WS2 has been anchored on GO nanosheets homogeneously, indicating the successful
combination of WS2 and GO nanosheets. The HRTEM image in Figure 4d explicitly exhibits that WS2

and GO nanosheets appear alternatively, forming a multilayered hybrid structure.
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Figure 4. TEM and HRTEM images of (a,b) bulk WS2; (c,d) WS2/rGO.

3.2. Mechanical Properties of NH2-rGO/WS2/BMI Composites

In this work, it is investigated that the impact and flexural strength of NH2-rGO/WS2/BMI
composites depend on the content of NH2-rGO/WS2 (from 0 to 1.0 wt %), shown in Figure 5a,b. An
appropriate amount of NH2-rGO/WS2 can significantly improve the toughness and the ability to resist
static bending moments. The impact and flexural strength increase continuously with the addition of
NH2-rGO/WS2, peaking at 20.8 kJ/m2 and 174 MPa when adding 0.6 wt % NH2-rGO/WS2, before
taking a downward trend. Compared with the pure BMI resin (10.8 kJ/m2 and 107 MPa), the impact
and flexural strength of NH2-rGO/WS2/BMI increase by 91.3% and 62.6%, respectively. Rarely
have previous studies achieved such remarkable improvements in the flexural and impact strength
of graphene-based nanoparticle-modified BMI or other resins with trace amounts of fillers. Some
previous works have been listed in Table 1; to the best of our knowledge, the comparatively optimal
flexural and impact strength of graphene-based nanoparticle-modified BMI, or other resins among
these studies, were 163 MPa and 19.15 kJ/m2, respectively [4,15–17,32–34]. Thus, the results of the
present work are comparable to that of previous works, indicating the NH2-rGO/WS2 nanoparticles
play a vital role in elevating the mechanical properties of the BMI resin.
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Table 1. Mechanical properties of bismaleimide and other polymer composite with different fillers.

Polymers Fillers Optimal Loading Remarks Reference

BMI NH2-rGO/WS2 0.6 wt %
The flexural and impact strength of the composites
increased by 62.6% and 91.3%, respectively, compared to
the neat BMI

This
paper

BMI GO 0.15 wt %
The flexural and impact strength of the composites
increased by 19.82% and 32.48%, respectively, compared
to the neat BMI

[4]

BMI MAH-GO 0.1 wt %
The flexural and impact strength of the composites
increased by 37.48% and 77.28%, respectively, compared
to the neat BMI

[4]

BMI MPTS-GO -
The tensile and impact strength of the composites
increased by 22.17% and 66.64%, respectively, compared
to the neat BMI

[8]

BMI GNS-Fe3O4@PZM 0.4 wt %
The flexural and impact strength of the composites
increased by 31.3% and 61.3%, respectively, compared to
the neat BMI

[16]

BMI P-POSS-GO 0.8 wt %
The flexural and impact strength of the composites
increased by 24.6% and 100.8%, respectively, compared
to the neat BMI

[17]

CE/BMI FGONs 1.0 wt % The flexural and impact strengths reached optimum
values of 110 MPa and 10.98 kJ m−2 [15]

Epoxy WS2-PEI 0.25 wt % The fracture toughness increased by 82.98% and flexural
strength increased by 65%, compared to the neat EP [32]

Epoxy IF-WS2 0.5 wt % The composite exhibited high shear and peel strength [33]

Nylon 12 IF-WS2 2 wt % The tensile strength and bending strength of the
composites increased by 27% and 28%, respectively [34]

BMI, bismaleimide; MAH-GO, maleic anhydride-functionalized GO; MPTS-GO,
γ-methacryloxypropyltrimethoxysilane-functionalized GO; GNS-Fe3O4@PZM, reduced
graphene oxide-Fe3O4@polyphosphazene; P-POSS-GO, phosphorus-containing polyhedral
oligomeric silsesquioxane-functionalized Graphene oxide; CE, cyanate ester;
FGONs,γ-(2,3-epoxypropoxy)propyltrimethoxysilane-functionalized graphene oxide nanoflakes; WS2-PEI,
branched polyethyleneimine-functionalized WS2; IF-WS2, fullerene-like WS2.

  

Figure 5. Impact strength (a) and flexural strength (b) of BMI composites with different contents of
NH2-rGO/WS2 fillers.
Two reasons account for the enhancement of mechanical properties of NH2-rGO/WS2/BMI at

a low content of fillers: (1) the fine dispersion of WS2 and GO in BMI resin by sonication results
in enhanced interactions between nanofillers and polymer matrix. Thus, when the distribution of
the nanofiller is more homogenous without agglomeration, the interface can transfer load more
effectively [35]; (2) there exists plenty of amine groups that can react with C=C bonds of BMI resin
on the edge of NH2-rGO/WS2 nanoparticles, so that the bonding strength between fillers and BMI
resin is reinforced [36]. However, the mechanical properties of the composites are deteriorated as the
content of NH2-rGO/WS2 surpasses 0.6 wt %. This phenomenon can be explained by the fact that
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excessive NH2-rGO/WS2 nanoparticles cannot be well dispersed in the BMI matrix. Instead, they are
easy to agglomerate to cluster, contributing to stress concentration and weak interface adhesion [37].
Besides, at the procedure of curing, high concentration of NH2-rGO/WS2 thickens the BMI resin, not
only impeding the volatilization of acetone in resin matrix, but also causing the generation of defects
in the NH2-rGO/WS2/BMI composites [38]. Thus, only when the content of NH2-rGO/WS2 fillers is
suitably added can the composites preform excellent mechanical properties.

To obtain more information concerning the toughening mechanism of NH2-rGO/WS2 in BMI
matrix, the impact fracture surfaces were detected by SEM. Figure 6a–c demonstrate the impact fracture
surfaces of pure BMI resin, NH2-rGO/WS2/BMI resin with 0.6 wt % fillers and NH2-rGO/WS2/BMI
resin with 1.0 wt % fillers, respectively. Typical characteristics of brittle failure are explicitly presented
in the fracture surface of neat BMI resin (Figure 6a). The fracture surface is relatively flat and smooth
without interrupted crack propagation path, resulting in poor energy consumption during fracture.
However, BMI composite containing 0.6 wt % NH2-rGO/WS2, shown in Figure 6b, has coarser surface
with abundant ridges, ravine patterns, and dimples, presenting typical characteristics of ductile
fracture. It also can be observed that a few NH2-rGO/WS2 nanoparticles appear around the dimples,
implying that these dimples originated from NH2-rGO/WS2 nanoparticles [4]. Therefore, the highly
dispersed NH2-rGO/WS2 contributes to the occurrence of dimples and dominant plastic deformation
of BMI matrix, impeding further crack propagation and consuming much more energy, whereas the
agglomerations of fillers can be seen on the fracture surface of the 1.0 wt % NH2-rGO/WS2/BMI
composites (Figure 6c), leading to the deteriorated mechanical properties of the BMI composites.

 

  

Figure 6. SEM images of the fracture surfaces of (a) the neat BMI (b) the composite with 0.6 wt %
NH2-rGO/WS2 and (c) the composite with 1.0 wt % NH2-rGO/WS2.
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3.3. Thermal Properties of NH2-rGO/WS2/BMI Composites

The curing behavior of a thermosetting system determines the structure, as well as the
properties, of the cured resin. Figure 7 gives the DSC curves of the neat BMI resin and 0.6 wt %
NH2-rGO/WS2/BMI composite. The neat BMI resin presents a sharp and strong exothermic peak
at 257.4 ◦C, due to homopolymerization of BMI. By contrast, the exothermic peak of 0.6 wt %
NH2-rGO/WS2/BMI composite shifts to the left with a peak temperature around 252.5 ◦C, and becomes
broader. This is because that the amino groups on the edges of NH2-rGO/WS2 particles can react
with imide rings through the Michael reaction [39]. The detailed reaction mechanism is shown in
Scheme 2. It is notable that NH2-rGO/WS2/BMI resin shows better processability, since the whole
exothermic peak of NH2-rGO/WS2/BMI composite appears at a lower temperature than that of the
neat BMI resin.

Figure 7. DSC curves of the neat BMI resin and 0.6 wt % NH2-rGO/WS2/BMI resin with a heating rate
of 10 ◦C/min.

Scheme 2. The mechanism of Michael reaction of the amino groups on the NH2-rGO/WS2 particles to
maleimide groups.

Figure 8 shows the overlay curves of weight loss of the cured neat BMI resin and BMI composite
with 0.6 wt % of NH2-rGO/WS2 nanoparticles. As expected, BMI composite with 0.6 wt % of
NH2-rGO/WS2 nanoparticles exhibit slightly higher decomposition temperature and a better thermal
stability than the neat BMI resin. The char yield of the neat BMI resin at 800 ◦C is 27.6%. It is exciting
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that the addition of 0.6 wt % of NH2-rGO/WS2 nanoparticles efficiently raises the char yield of the
BMI composite at 800 ◦C to 29.6%, with an increase of 7.25%. The result indicates that NH2-rGO/WS2

fillers can improve the thermal property of the neat BMI resin. This can be explained by the barrier
effect of modified GO nanosheets, uniform dispersion of NH2-rGO/WS2 fillers, and strong interfacial
bonding between NH2-rGO/WS2 nanoparticles and BMI matrix [40].

Figure 8. TGA curves of neat BMI and 0.6 wt % NH2-rGO/WS2/BMI composite.

4. Conclusions

In this study, reduced graphene oxide and WS2 nanoparticles with active amino groups
(NH2-rGO/WS2) were synthesized. BMI composites incorporated with NH2-rGO/WS2 nanoparticles
at different loadings were prepared. The impacts of NH2-rGO/WS2 nanoparticles on the mechanical
and thermal properties of the BMI resin were investigated and compared. Various characterizations,
including FTIR, XPS, XRD, and TEM, demonstrated the successful preparation of NH2-rGO/WS2.
Owing to the unique layered structure and the chemical interaction between amino groups on
the surface of rGO/WS2 nanoparticles and C=C bonds of BMI matrix, the dispersion and the
interfacial adhesion were significantly enhanced, which further improved the mechanical properties of
NH2-rGO/WS2/BMI composites considerably. The maximum increment of the impact and flexural
strength of the composites (20.8 kJ/m2 and 174 MPa) were 91.3% and 62.6%, respectively, compared
with the neat BMI resin (10.8 kJ/m2 and 107 MPa), at the loading of 0.6 wt % NH2-rGO/WS2

nanoparticles. In contrast with the optimal impact and flexural strength of graphene-modified BMI
resins reported (19.15 kJ/m2 and 163 MPa), trace amounts of NH2-rGO/WS2 nanoparticles promoted
almost the best enhancements on mechanical properties of the BMI resin. In addition, the system
showed a slight rise on the thermostability of the NH2-rGO/WS2/BMI composites.
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Abstract: Emerging two-dimensional (2D) materialsm, such as molybdenum disulfide (MoS2), offer
opportunities to tailor the mechanical and gas barrier properties of polymeric materials. In this
study, MoS2 was exfoliated to monolayers by modification with ethanethiol and nonanethiol.
The thicknesses of resulting MoS2 monolayers were 0.7 nm for MoS2-ethanethiol and 1.1 nm for
MoS2-nonanethiol. MoS2 monolayers were added to chlorobutyl rubber to prepare MoS2-butyl
rubber nanocomposites at concentrations of 0.5, 1, 3, and 5 phr. The tensile stress showed
a maximum enhancement of about 30.7% for MoS2-ethanethiol-butyl rubber and 34.8% for
MoS2-nonanethiol-butyl rubber when compared to pure chlorobutyl rubber. In addition, the
gas barrier properties were increased by 53.5% in MoS2-ethanethiol-butyl rubber and 49.6% in
MoS2-nonanethiol-butyl rubber. MoS2 nanosheets thus enhanced the mechanical and gas barrier
properties of chlorobutyl rubber. The nanocomposites that are presented here may be used to
manufacture pharmaceutical stoppers with high mechanical and gas barrier properties.

Keywords: layered structures; polymer-matrix composites; mechanical properties; gas
barrier properties

1. Introduction

Since the discovery of graphene, two-dimensional inorganic materials, such as MoS2, have
attracted great attention. MoS2 has a structure similar to that of graphite; two layers of sulfur and one
layer of molybdenum atoms in a sandwiched structure make up its hexagonal crystal lattice structure.
MoS2 is unreactive, unaffected by both acids and oxygen, and has a low coefficient of friction due
to weak van der Waals interactions between the layers. As such, it is widely used as a dry lubricant.
In addition, MoS2 can be exfoliated into nanolayers without the need for complex methods. MoS2

nanosheets have previously been utilized in transistors [1], biomaterials [2], and nanocomposites [3],
and can also be added to polymers as a filler material; because of the high band gap of MoS2, the
electronic properties of the polymer matrices are not changed. A common reason to add fillers to
polymers is to improve their mechanical properties. For example, polymer chains can interact with the
nanosheet surfaces, resulting in reinforcements in all directions from the nanosheets. For the latter, it is
important to fully exfoliate the two-dimensional inorganic materials to increase the surface area [4].

Many studies have reported the use of nanoscale fillers such as clay, reduced graphene oxide,
and MoS2 to improve the mechanical and gas barrier properties of polymer materials for a variety of
applications. For example, the optimal mechanical or barrier properties were observed for exfoliated
or intercalated polymer/clay nanocomposites, but using a high clay content of 5–10 wt % [5–7]. Clay
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is difficult to exfoliate due to the many cations in the spacing between the layers of the material.
In addition, clay is hydrophilic and cannot disperse well in hydrophobic polymers. However,
quaternary ammonium cation salt can usually act as modifiers to enable exfoliation and dispersion of
clay molecules in polymer matrices [8]. Graphene consists of two-dimensional sheets of sp2-bonded
carbon with a high specific surface area. Graphene-based nanocomposites play an important role
because of their favorable mechanical, electrical, and barrier properties. Their barrier properties, for
example, are much better than those of clay nanofillers [9–11]. Some applications require improvements
in the mechanical properties and thermal stability of a polymer matrix, while maintaining the polymer’s
electrical insulation properties. Graphene, as a highly conductive material, does not appear to be a
good filler material choice for such applications. In addition, fillers have to be uniformly dispersed
in a polymer matrix. However, exfoliation of graphene is still unpractical, with the most common
method involving the treatment of graphite with strong oxidizers to obtain exfoliated graphene oxide.
MoS2 exfoliation into nanosheets, on the other hand, can be achieved in a one-step, simple method
at low MoS2 loading rates, and is thus more economical. MoS2 nanosheets are therefore an excellent
alternative to clay and graphene-based materials for enhancing the properties of polymer matrices.
MoS2 has been reported as filler to manufacture photo-mechanical response material [12], gas selective
membranes [13], and supercapacitor [14].

Due to weak van der Waals interactions between the layers of bulk MoS2, MoS2 nanosheets
can easily be prepared by ultrasonication. A common method for the exfoliation of MoS2 involves
the use of lithium ions to intercalate the MoS2 nanosheets. However, it is hard to disperse MoS2

nanosheets in nonpolar polymers without modifying their surfaces with organic ligands. In previous
works, ultrasonicating bulk MoS2 powder produced a number of sulfur vacancies on the surface
of a MoS2 nanosheet, which were reported to act as targets for surface modification [15,16]. Here,
thiol compounds were selected as modifiers of MoS2 nanosheets to increase the affinity between the
nanosheets and polymer matrix. With a greater degree of MoS2 nanosheet dispersion, a greater degree
of reinforcement would be expected in the nanocomposite.

Chlorobutyl rubber is often used in tires, gas masks, and chemical agent packaging because of its
good mechanical and gas barrier properties. Unlike conventional butyl rubber, with a lack of double
bond on the backbone of polymer chain, the vulcanization of chorobutyl rubber is more efficiently.
The aim of this study was to enhance the mechanical and gas barrier properties of chemical agent
packaging materials, which require enhanced gas barrier properties for the storage of chemical agents.
For this reason, chlorobutyl rubber with added MoS2 was studied as a suitable material. Exfoliated
MoS2 nanosheets surface-modified by ethanethiol and nonanethiol to enhance their affinity to polymers
were expected to disperse well in chlorobutyl rubber and result in improved mechanical and gas
barrier properties. Herein, the effects of ethanethiol- and nonanethiol-modified MoS2 nanosheets are
compared for various MoS2 concentrations.

2. Materials and Methods

2.1. Materials

Chlorobutyl rubber (Mooney viscosity [ML1+8 100 ◦C]: ~41–49) was obtain from ExxonMobil
Chemical (Houston, TX, USA); MoS2 from Alfa Aesar (Haverhill, MA, USA); hexane from Fisher
Chemical (Hampton, NH, USA); ethanethiol from Sigma-Aldrich (St. Louis, MO, USA); nonanethiol
from Acros (Hampton, NH, USA); ethylenethiourea(2-mercaptoimidazoline) from Kawaguchi
Chemical Industry (Kawaguchi, Japan); and silicon dioxide (TOKUSIL 255, with surface area BET
177 m2/g) was obtained from OSC Group (Miaoli, Taiwan).

2.2. Exfoliation of MoS2

For the exfoliation of MoS2, 400 mg MoS2 powder and 20 mL hexane were mixed in 20-mL vials
and ethanethiol and nonanethiol were added to each vial. Ultrasonication to exfoliate MoS2 was
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applied in a bath for 24 h. After ultrasonication, the contents of the vials were allowed to settle, and
exfoliated MoS2 was obtained as the suspension.

2.3. Preparation of MoS2-butyl Rubber Nanocomposites

MoS2-butyl rubber nanocomposites were prepared with various MoS2 concentrations 0.5, 1, 3,
and 5 parts per hundreds of rubber (phr). The previously obtained MoS2 nanosheets were mixed
with chlorobutyl rubber and were dissolved in hexane under mechanical stirring for 1 h to achieve a
homogenous mixture. The hexane was then evaporated and the samples thus obtained were dried at
100 ◦C in a vacuum oven for 12 h to completely remove the solvent. The samples were compounded by
two-roll-mill with 20 phr silicon dioxide as a widely used filler for rubber to improve the wear resistance
and also acts as a reinforcing agent and using 0.5 phr ethylenethiourea(2-mercaptoimidazoline) as
the curing reagent. After compression molding at 185 ◦C at a pressure of 50 kgf/cm2 for 10 min,
MoS2-butyl rubber nanocomposite samples with dimensions of 15 cm × 15 cm and a 1-mm thickness
were obtained.

2.4. Characterization

The morphologies of the MoS2 nanosheets modified by ethanethiol and nonanethiol were
observed using a Tecnai™ G2 F-20 (Philips, Amsterdam, Netherlands) transmission electron
microscope (TEM). Raman spectra and Raman maps were obtained using an NRS5100 (JASCO,
Tokyo, Japan) spectrometer. Cross-sectional images were obtained using a JSM-6500F (JEOL, Tokyo,
Japan) scanning electron microscope (SEM); and, composite samples were cooled in liquid nitrogen
and cut by a scalpel to prepare the samples for backscattered electron (BSE) imaging. Atomic force
microscopy (AFM) was performed using a NX10 system (Park, Suwon, Korea). X-ray diffraction (XRD)
was performed using a D8 SSS (Bruker, Billerica, MA, USA). UV-Vis spectra were obtained using a
V-730 spectrometer (JASCO, Tokyo, Japan). Dynamic mechanical analysis was performed using a Q800
(TA Instruments, New Castle, DE, USA), while stress-strain curves were measured using a TS-2000
with a crosshead speed of 500 mm/min. The oxygen transmission rates were measured according to
the ASTM D3985 standard using the OX-TRAN 2/61 (Mocon Inc., Minneapolis, MN, USA) at 23 ◦C
and a relative humidity of 0%; film specimens of 5 cm in diameter and 1 mm in thickness were fixed
between two chambers, and oxygen filled the upper chamber while nitrogen filled the lower chamber.

3. Results and Discussion

3.1. Exfoliation of MoS2

Scheme 1 outlines the overall procedure for the preparation of the MoS2 nanosheets and the
production of MoS2-butyl rubber nanocomposites. The exfoliation of MoS2 was achieved by bath
ultrasonication of bulk MoS2 powder in hexane. It has previously been reported that this exfoliation
process can produce a number of structural defects, such as S vacancy defects [17,18]. Then, MoS2

nanosheets can be modified with thiol ligands. Ethanethiol and nonanethiol were used as the surface
modifiers in this study. The carbon chains of these two thiols were hypothesized to modify the surface
of MoS2 to enhance its compatibility with chlorobutyl rubber. The organic modification of the surface
and robust nature of the modifiers ensured good dispersion and a dramatically enhanced properties of
the polymer materials.
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Scheme 1. Schematic illustration for exfoliation modification of MoS2 and corresponding production
of chlorobutyl rubber-based nanocomposites.

The morphologies of MoS2 nanosheets modified by ethanethiol and nonanethiol are presented in
TEM images (Figure 1a,b). The hexagonal structure of MoS2 modified by ethanethiol and nonanethiol
was clearly visible in high-resolution TEM images (Figure 1c,d). It can be inferred that these
MoS2 nanosheets were either several layers thick or monolayers, because the hexagonal lattice
structure of MoS2 was visible. The latter indicates that the crystal structures of MoS2-ethanethiol and
MoS2-nonanethiol were retained during ultrasonication [19]. Raman spectra were used to confirm
the modification of the MoS2 nanosheet surfaces by ethanethiol and nonanethiol (Figure 2). Peaks
were seen at ~380 cm−1 (E1

2g, in-plane vibrations) and ~410 cm−1 (A1g, out-of-plane vibrations),
characteristic of the MoS2 trigonal structure. Peaks at ~680 and ~1100 cm−1, which indicate
carbon-sulfur (νcs) [20] and carbon-carbon bonds (νcc) [21], respectively, were noted for the modified
MoS2. These results indicate that the surface of MoS2 was successfully modified by ethanethiol
and nonanethiol.
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Figure 1. Transmission electron microscope (TEM) images of MoS2 nanosheets. (a,c) Low-
and high-resolution images of MoS2-ethanethiol; (b,d) low- and high-resolution images of
MoS2-nonanethiol.

Figure 2. Raman spectra of MoS2 and thiol-modified MoS2.

The thicknesses of the exfoliated nanosheets were monitored through AFM examination of
the exfoliated samples. The thickness of bulk MoS2 was ~90–120 nm (Figure 3a), while that of
MoS2-ethanethiol was ~0.7 nm (Figure 3b) and that of MoS2-nonanethiol was ~1.1 nm (Figure 3c),
values that correspond to that of ~0.65 nm in previous reports on the thickness of MoS2 monolayers [1].
The thicknesses obtained here being greater than the typical thickness of a single-layer MoS2 sheet
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may be attributed to thiol conjugation on the surface of MoS2 [22]. Blue-shifts of UV-Vis spectra are
dependent on changes in the band gap energy, which can be obtained from the wavelengths in UV-Vis
spectra from the following equation:

Band gap energy (E) = (hc)/λ (1)

where hc is Planck’s constant and λ is the wavelength. Bulk MoS2 is an indirect semiconductor with a
band gap of ~1.2 eV, which increases to ~1.8 and ~1.9 eV for monolayers of MoS2 [23,24]. To obtain the
optimum parameters for exfoliation, the number of MoS2 nanosheet layers was measured for various
concentrations of ethanethiol and nonanethiol by UV-Vis spectra (Figure 4). The MoS2-ethanethiol
sample in Figure 4a shows a blue-shift from 697 to 688 nm. The latter wavelength of 688 nm corresponds
to a band gap value of 1.80 eV. For MoS2-nonanethiol in Figure 4b, a blue-shift from 697 to 685 nm
can be observed. The latter wavelength of 685 nm corresponds to a band gap value of 1.81 eV. The
conditions to exfoliate MoS2 into monolayer involved the addition of 0.5 mL of either ethanethiol or
nonanethiol with 400 mg bulk MoS2 powder into 20 mL hexane. The exfoliation efficiency for MoS2

that was treated with nonanethiol was greater than that of MoS2 treated with ethanethiol.

 

Figure 3. Atomic force microscope (AFM) images of: (a) bulk MoS2, (b) MoS2-ethanethiol, and (c)
MoS2-nonanethiol.

 

Figure 4. UV-Vis spectra: (a) MoS2-ethanethiol and (b) MoS2-nonanethiol.
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3.2. Characterization of MoS2-butyl rubber Nanocomposites

XRD was performed to characterize the obtained layered-structure materials and partially evaluate
the dispersion state of layered nanofillers in the polymer composites. XRD scans of the polymer
nanocomposites showed a nanofiller peak and a shift to a lower 2θ or larger d-spacing value when
compared to bulk MoS2. The peak shift indicates an expansion of the d-spacing of MoS2 nanosheets;
it was inferred that polymer chains had been intercalated in the MoS2 nanosheets. For completely
exfoliated layered nanofillers, no XRD peaks were expected for the nanocomposites, since they should
not show regular spacing of the sheets [25].

The XRD patterns (Figure 5) of the MoS2-butyl rubber nanocomposites confirm the intercalation
of chlorobutyl rubber in the MoS2 nanosheet interlayers by showing a decrease in 2θ value as the
concentration of MoS2 increased. The (002) peak of pure MoS2 was at 2θ = 14.44◦, corresponding
to a d-spacing value of 0.3088 nm. After adding MoS2 to chlorobutyl rubber, the 2θ peak of
the (002) plane shifted to lower angles, associated with intercalation in nanocomposites. For
MoS2-ethanethiol-butyl rubber, the peak at 2θ = 14.44◦ (d = 0.3088 nm) for 0 phr shifted to 2θ = 14.40◦

(d = 0.3097 nm), and 2θ = 14.38◦ (d = 0.3102 nm) for the samples with 3 and 5 phr MoS2, respectively.
For MoS2-nonanethiol-butyl rubber, the peak was at 2θ = 14.36◦ for the 0.5-phr sample, which indicates
that the d-spacing of MoS2 increased when MoS2 nanosheets were inserted into the chlorobutyl rubber
chains. The latter illustrates that, between the exfoliation and intercalation, the nanocomposites can
be driven toward full exfoliation by decreasing the content of MoS2 nanosheets. The greater shift
at low concentrations indicates that nonanethiol is a more suitable modifier for MoS2 exfoliation
than ethanethiol.

Figure 5. X-ray diffraction (XRD) patterns of MoS2-butyl rubber nanocomposites: (a) MoS2-ethanethiol-
butyl rubber and (b) MoS2-nonanethiol-butyl rubber.

The SEM-BSE images (Figure 6) of MoS2-butyl rubber nanocomposite cross-sections demonstrate
the dispersion of MoS2 nanosheets in chlorobutyl rubber obtained at different concentrations. These
micrographs confirm that, at higher concentrations, i.e., 3 and 5 phr, big clusters of agglomerated
ethanethiol- and nonanethiol-modified MoS2 were present. At lower concentrations, i.e., 0.5 and 1 phr,
on the other hand, MoS2 was homogeneously dispersed in chlorobutyl rubber.
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Figure 6. Scanning electron microscope backscattered electrons (SEM-BSE) cross-sectional images
for MoS2-butyl rubber with different concentrations of MoS2 with either ethanethiol or nonanethiol:
(a) 0.5 phr, ethanethiol; (b) 1 phr, ethanethiol; (c) 3 phr, ethanethiol; (d) 5 phr, ethanethiol; (e) 0.5 phr,
nonanethiol; (f) 1 phr, nonanethiol; (g) 3 phr, nonanethiol; and, (h) 5 phr, nonanethiol.

The typical Raman peaks for MoS2-butyl rubber nanocomposites are shown in Figure 7. The
peaks at ~380 and ~410 cm−1 correspond to MoS2, while the peaks at ~720, ~820, ~910, and
~1080 cm−1 correspond to chlorobutyl rubber. Raman mapping (Figure 8) was used to further
confirm the dispersion state of MoS2 nanosheets at different MoS2 concentrations. Figure 8 shows the
intensity maps of the A1g peak (~410 cm−1) of MoS2 for nanocomposites with different concentrations
of modified MoS2 nanosheets. The Raman mapping images correspond well with the SEM-BSE
images (Figure 6). At low concentrations of MoS2 nanosheets, their distribution was uniform,

41



Polymers 2018, 10, 238

which implies homogeneous dispersion in chlorobutyl rubber. As the MoS2 loading increased,
however, agglomeration and clustering behavior of the MoS2 was visible, illustrating poor dispersion.
Nonetheless, due to their conjugation with ethanethiol or nonanethiol, MoS2 nanosheets could
disperse homogeneously in chlorobutyl rubber at low concentrations. As shown in Figure 6,
MoS2-nonanethiol-butyl rubber had a more uniform appearance than MoS2-ethanethiol-butyl rubber;
at 5 phr MoS2, in particular, the clustering for MoS2-ethanethiol-butyl rubber was more pronounced
than for MoS2-nonanethiol-butyl rubber.

 

Figure 7. Typical Raman peaks for MoS2-butyl nanocomposites.

Figure 8. Raman mapping images for MoS2-butyl rubber with different concentrations of MoS2 with
either ethanethiol or nonanethiol: (a) 0.5 phr, ethanethiol; (b) 1 phr, ethanethiol; (c) 3 phr, ethanethiol;
(d) 5 phr, ethanethiol; (e) 0.5 phr, nonanethiol; (f) 1 phr, nonanethiol; (g) 3 phr, nonanethiol; and,
(h) 5 phr, nonanethiol.

3.3. Tensile Properties of MoS2-butyl Rubber Nanocomposites

The stress-strain curves (Figure 9) for neat chlorobutyl rubber and MoS2-butyl rubber
nanocomposites show that the tensile strength of the chlorobutyl rubber matrix increased upon MoS2

nanosheet loading. Furthermore, the elongation at break of MoS2-nonanethiol-butyl rubber was about
14.4% higher than that of MoS2-ethanethiol-butyl rubber. The maximum increase in tensile strength for
MoS2-ethanethiol-butyl rubber was about 30.7% for a MoS2 content of 3 phr. In MoS2-nonanethiol-butyl
rubber, likewise, the tensile strength was increased by about 34.8% for 1 phr MoS2 as compared to
that of the control sample. Therefore, the maximum increase in tensile strength was obtained for
MoS2-nonanethiol-butyl rubber instead of MoS2-ethanethiol-butyl rubber. The significant increase

42



Polymers 2018, 10, 238

in tensile strength reached a peak at a loading of 3 phr for MoS2-ethanethiol-butyl rubber and of
1 phr for MoS2-nonanethiol-butyl rubber. At higher MoS2 nanosheet contents, the tensile strength
decreased again. The latter observations may be ascribed to the aggregation of MoS2 nanosheets in the
chlorobutyl rubber matrix, which is known to cause a decrease in tensile strength for rubber [26]. It is
obvious from these results that MoS2 nanosheets can significantly improve the strength of chlorobutyl
rubber, possibly due to the high strength of MoS2 nanosheets, better interactions between MoS2

nanosheets and the polymer matrix, and/or a more uniform dispersion of MoS2 nanosheets in the
chlorobutyl rubber matrix due to abundant thiol groups on the MoS2 nanosheet surfaces.

Figure 9. Stress-strain curves: (a) MoS2-ethanethiol-butyl and (b) MoS2-nonanethiol-butyl rubber.

3.4. Dynamic Mechanical Analysis of MoS2-butyl Rubber Nanocomposites

For MoS2-ethanethiol-butyl rubber, the storage modulus (Figure 10a) is a measure of its stiffness
and the elastic of material that means the ability to recover pristine shape, and it a little increased for
all the MoS2-butyl rubber nanocomposites in rubbery region compared to pure chlorobutyl rubber but
no significant increment in glassy region. In rubbery region, the nanocomposite containing 0.5 phr
MoS2 nanosheets exhibited the highest modulus value. MoS2-nonanethiol-butyl rubber also showed
an increase in the storage modulus (Figure 10b), with an increase in the content of MoS2 nanosheets,
except for 0.5 phr, and reached the highest modulus value for 3 phr. These results indicate that MoS2

nanosheet incorporation into chlorobutyl rubber remarkably enhanced stiffness and had a significant
reinforcing effect. This increase in storage modulus results from the intercalation of MoS2 nanosheets
in chlorobutyl rubber and strong interactions between the chlorobutyl rubber polymer chain and MoS2

nanosheets. The mobility of the polymer chains in rubbery region was thus retarded by the MoS2

nanosheets, resulting in the higher storage modulus.

Figure 10. Storage modulus measurements: (a) MoS2-ethanethiol-butyl and (b)
MoS2-nonanethiol-butyl rubber.
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The tan(δ) values of MoS2-ethanethiol-butyl rubber are shown in Figure 10a. For all of the samples
of MoS2-ethanethiol-butyl rubber, shifts to lower temperatures were observed when compared to the
0 phr sample. MoS2 intercalated in chlorobutyl rubber may act as a lubricant, which leads to lowering
of the glass transition temperature [27]. The tan(δ) values of MoS2-nonanethiol-butyl rubber are shown
in Figure 11b; similar shifts to lower temperatures can be seen, again indicating intercalation of MoS2

nanosheets in the chlorobutyl rubber. The barrier effect of the nano-flakes restricting the motion of the
polymer chains in the nanocomposites can be ascribed to the MoS2 nanosheets.

Figure 11. tan(δ) Measurements: (a) MoS2-ethanethiol-butyl and (b) MoS2-nonanethiol-butyl rubber.

3.5. Gas Barrier Properties of MoS2-butyl Rubber Nanocomposites

The barrier properties of polymers can be significantly altered by including sufficient inorganic
platelets to alter the path of gas molecules (Scheme 2) [4]. The oxygen transmission rate (OTR) (Table 1)
of each MoS2-butyl rubber nanocomposite was measured at 25 ◦C using the method outlined by
ASTM D3985. When compared to that of pure chlorobutyl rubber, the OTR of MoS2-ethanethiol-butyl
rubber decreased dramatically to 42.3 cc/m2-day at the MoS2 nanosheet concentration of 0.5 phr.
The OTR of MoS2-nonanethiol-butyl rubber decreased to 47.2 cc/m2-day at 0.5 phr, and thereafter
decreased slowly at higher concentrations. The barrier performance for all MoS2-butyl rubber
nanocomposites could be improved markedly by the application of a small amount of organic-modified
MoS2. Moreover, there was little difference between the gas barriers of MoS2-ethanethiol-butyl rubber
and MoS2-nonanethiol-butyl rubber, since the surface areas of MoS2-ethanethiol and MoS2-nonanethiol
nanosheets were too small to retard the pathway of gas molecules. There are two reasons behind
the enhancement of the gas barrier properties of the MoS2-butyl rubber nanocomposites. First, MoS2

nanosheets form tortuous pathways in chlorobutyl rubber, which retard the progress of gas molecules
through the composite. Secondly, the diffusion coefficient of the gas molecules decreases because MoS2

nanosheets strongly restrict the motion of the polymer chains [7].

Scheme 2. Barrier to permeation imposed by nanoparticles embedded in a polymeric matrix.
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Table 1. Oxygen transmission rates (OTRs) of MoS2-butyl rubber nanocomposites.

MoS2-ethanethiol-butyl rubber (cc/m2-day) MoS2-nonanethiol-butyl rubber (cc/m2-day)

0 phr 90.9 90.9
0.5 phr 42.3 47.2
1 phr 48.2 46.8
3 phr 44.6 45.8
5 phr 43.7 46.5

4. Conclusions

In conclusion, we have demonstrated that MoS2 nanosheets are an excellent filler material
to enhance the tensile properties of chlorobutyl rubber. Ethanethiol and nonanethiol played an
important role in modifying the surface of MoS2 nanosheets. Using thiol modification of nanosheets
helped to obtain MoS2 monolayers with a thickness of ~0.8–1 nm, a key feature of MoS2 nanosheets
intercalated in chlorobutyl rubber. The obtained MoS2 nanosheets were dispersed homogeneously
in chlorobutyl rubber due to the thiol ligands modifying MoS2 to enable greater affinity between
MoS2 and chlorobutyl rubber. Due to the high stiffness of the MoS2 nanosheets, MoS2 improved the
mechanical properties of chlorobutyl rubber in tensile test, but not significantly in storage modulus.
On the other hand, the gas barrier was improved dramatically, although similarly for MoS2-ethanethiol-
and MoS2-nonanethiol-butyl rubber. These results offer new opportunities utilizing nanocomposites of
polymers and MoS2. Controlling the dimensions of MoS2 nanosheets remains a challenge. Therefore,
improved techniques are necessary to produce MoS2 nanosheets of appropriate sizes, which can then
achieve their full potential in polymer nanocomposites.
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Abstract: The study of preparing silica/rubber composites used in tires with low rolling resistance in
an energy-saving method is fast-growing. In this study, a novel strategy is proposed, in which silica
was modified by combing alcohol polyoxyethylene ether (AEO) and 3-mercaptopropyltriethoxysilane
(K-MEPTS) for preparing silica/natural rubber (NR) master batches. A thermal gravimetric analyzer
and Raman spectroscopy results indicated that both AEO and K-MEPTS could be grafted on to the
silica surface, and AEO has a chance to shield the mercaptopropyl group on K-MEPTS. Silica modified
by AEO and K-MEPTS together was completely co-coagulated with the rubber in preparing silica/NR
composites using the latex compounding method with the help of the interaction between AEO and
K-MEPTS. The performance of composites prepared by silica/NR master batches was investigated
by a rubber process analyzer (RPA), transmission electron microscopy (TEM) and a tensile tester.
These results demonstrate that AEO forms a physical interface between silica and rubber, resulting
in good silica dispersion in the matrix. K-MEPTS forms a chemical interface between silica and
rubber, enhancing the reinforcing effect of silica and reducing the mutual friction between silica
particles. In summary, using a proper combination of AEO and K-MEPTS is a user-friendly approach
for preparing silica/NR composites with excellent performance.

Keywords: chemical and physical interface; surface modification of silica; latex compounding
method; silica/NR composite

1. Introduction

Silica is a non-carbon filler that is an extremely important reinforcing filler in the rubber
industry [1]. Previous studies have confirmed that silica combines good mechanical performance [2],
high wet grip resistance [3] and low rolling resistance [4] for silica/rubber composites. At present,
silica/rubber composites are commonly used for producing “green tires” [5,6], which have low rolling
resistance, resulting in reducing the vehicle’s fuel consumption.

As an inorganic particle, silica has many hydroxyl groups (–OH) on its surface [7], causing the
hydrophilic nature of the silica particle [8–10]. Therefore, the silica particle is less compatible with
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a hydrophobic polymer, such as rubber [11]. However, the silica surface can be modified due to the
numerous reactive hydroxyl groups [12,13]. Silica modification is an effective method for improving
the compatibility between silica and rubber. Treatment with reactive silane coupling agent (SCA) is
one of the major methods used in silica modification [14,15]. In principle, SCA possesses a readily
hydrolyzable alkoxy group that reacts with the hydroxyl groups on the silica surface to form a stable
siloxane linkage [16]. In addition, some surface active agents (SAA), such as poly ethylene glycol,
triethanolamine and cetyltrimethylammonium bromide, are commonly used in silica modification.
SAA can absorb on the silica surface, resulting in covering the silica surface and reducing the amount
of the exposed hydroxyl groups.

Natural rubber (NR), which contains 93%–95% cis-1,4-polyisoprene, is an essential biosynthesized
polymer [17]. It is naturally found in the form of a colloidal system known as NR latex, in which rubber
particles are dispersed in an aqueous medium [18,19]. Therefore, the latex compounding method
is used to prepare silica/NR composites to address the problems of low efficiency in the outdated
mechanical blending method [20,21].

Preparing a silica/NR slurry with good silica dispersion and stable NR particles is key for the latex
compounding method mentioned above. The silica in this slurry should be completely co-coagulated
with the rubber when preparing silica/NR master batches, which is a floc containing silica and rubber.
As these materials work at a high frequency of motion, silica/rubber composites should have excellent
dynamic performance, which is not required in most kinds of polymer composites. Therefore, the silica
in the master batches should have the potential to form a chemical interaction with NR, because the
internal friction of silica/NR composites, which is the major factor in dynamic performance such as
rolling resistance and wet grip of tires, can be reduced by a chemical interaction between silica and
rubber. Preparing modified silica, using a proper strategy to achieve an ideal organic silica surface,
is the most practical process to meet the above requirements.

In previous research, sulfide-containing SCAs were used for silica modification when preparing
silica/rubber composites using the latex compounding method [21–24]. In principle, sulfide-containing
SCAs react with silica as mentioned above, resulting in improving the dispersion of silica in a latex
system and rubber matrices. Meanwhile, sulfide-containing SCAs can react with the double bonds
in rubber molecules by their sulfide group. Therefore, the structure by which rubber molecules
and silica particles are linked by the SCA is formed between silica and rubber by the help of the
sulfide-containing SCAs through a “coupling bridge” [25]. Previous researchers indicated that the
“coupling bridge”, which is a typical chemical interface between silica and rubber, benefits the
mechanical and dynamic properties of silica/rubber composites [26]. However, the hydroxyl groups on
the silica react with the hydroxyl groups of hydrolyzed SCA in silica modified by SCA in the aqueous
phase [27], meaning the hydrolysis of SCA is a precursor for silica modification. Polycondensation
also occurs among the hydroxyl groups of hydrolyzed SCA, producing the polycondensates of SCA,
resulting in the aggregation of several SCA molecules [25]. Therefore, using only SCA in silica
modification is not adequately efficient. Only the chemical interface existing between silica and
rubber is detrimental to the stretching of the rubber molecular chain under external force [28–30].
Moreover, the reaction between rubber and sulfide-containing SCA, known as “scorchy” behavior,
is inevitable during the process [31], even though the mixing time and temperature are precisely
controlled. Therefore, using sulfide-containing SCA only for silica modification is not an ideal method
for preparing silica/rubber composites.

Parts of SAAs directly modify silica in the aqueous phase without polycondensation, and not all
SAAs react with rubber under all conditions. Therefore, a physical interface between silica and rubber
can only be formed with the help of SAA [32–34]. However, the dynamic performance of silica/rubber
composites is very poor in the absence of a chemical interface between silica and rubber [8,28]. In our
previous research, silica modified by SAA was not completely co-coagulated with the rubber when
preparing silica rubber master batches using the latex compounding method.
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For rubber composites prepared for “green tires”, the dynamic performance is extremely
important. Therefore, for this research, a chemical interface between silica and rubber was formed.
Preparing high performance silica/rubber composites for “green tires” using the latex compounding
method is a more complex and restrictive study than the preparation of other polymer composites.
Using different modifiers to form chemical and physical interfaces between silica and rubber is a
simple and feasible method to achieve this goal.

In this research, the silica/NR master batches were prepared using the latex compounding
method. Alcohol polyoxyethylene ether (AEO) [35]), a widely-used nonionic SAA,
and 3-mercaptopropyltriethoxysilane (K-MEPTS) [36], which was commercially developed
and widely used in the rubber industry, were selected as modifiers to be used together in silica
modification in the aqueous phase (as shown in Figure 1). This is a novel strategy proposed for
silica modification for preparing silica/rubber master batches. The magnitude of the chemical and
physical interface between silica and rubber is varied by adjusting the amount of AEO and K-MEPTS
used in silica modification. In our research, pure and different modified silica were characterized by
Fourier transform infrared spectroscopy (FT-IR), thermal gravimetric analysis (TGA), and Raman
spectroscopy. The interaction between K-MEPTS and AEO was confirmed through the results of these
characterizations. Pure and different modified silica were used in preparing silica/NR master batches
by the latex compounding method. In this part of the research, the role played by K-MEPTS and
AEO using the co-coagulation of silica and NR was confirmed. Finally, the properties of silica/NR
composites containing different modified silica were compared. The effect of the chemical interface
between silica and rubber, formed by K-MEPTS, and the physical interface between silica and rubber,
formed by AEO, on the performance of silica/NR composites was investigated.

Figure 1. Chemical structure of alcohol polyoxyethylene ether (AEO) and 3-mercaptopropyltriethoxysilane
(K-MEPTS).

2. Experimental Materials and Methods

2.1. Materials

High-ammonia NR latex with 60% total solid content was purchased from Hainan Rubber Industry
Group Co., Ltd. (Hainan, China). Precipitated silica water slurry of K-160 (nanoparticle size: 20–30 nm,
Brunauer-Emmett-Teller (BET) specific surface: 160.06 m2/g) was produced by Wilmar China (Jiamusi,
China). AEO (average molecular weight: 421 g/mol), which possesses a terminal hydroxyl group that
can react with hydroxyl groups on the silica surface and possesses a long molecular chain that consists
of polyolefin and polyether, was prepared by BASF SE. K-MEPTS (molecular weight: 196 g/mol) was
obtained from Nanjing Capatue Chemical Co., Ltd. (Nanjing, China). The rest of the required materials
were commercially available.

2.2. Preparation of Modified Silica

The silica slurry solid content was measured to dilute to a 10% concentration (e.g., 100 g dry
weight of silica for every 1000 g silica slurry) by adding water into the raw precipitated silica slurry.
The silica water slurry was subjected to high-speed stirring (800 rpm) for 30 min to obtain a stable
suspension. Five beakers, numbered 1–5, were prepared, and 1000 g of silica slurry were transferred
to each beaker. All silica slurries were heated to a temperature of 70 ◦C under high-speed stirring
(800 rpm). K-MEPTS (6, 6, 4, and 2 g) was added into Beakers 1–4, and AEO (4, 6, 8 and 8 g) was
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added into Beakers 2–5, respectively. The slurry was stirred for 0.5 h, and the modified silica slurry
was then obtained. According to the amount of AEO and K-MEPTS added in the silica modification,
we labelled the modified silica in Beakers 1–5 as A0K6-MS, A4K6-MS, A6K4-MS, A8K2-MS and A8K0-MS,
respectively. The amounts of K-MEPTS and AEO used in the different modified silica are listed in Table 1.

Table 1. Formulation of modified silica and its label.

Material A0K6-MS A4K6-MS A6K4-MS A8K2-MS A8K0-MS

Silica (dry weight)/g 100 100 100 100 100
3-mercaptopropyltriethoxysilane

(K-MEPTS)/g 6 6 4 2 0

polyoxyethylene ether (AEO)/g 0 4 6 8 8

Part of the pure silica and modified silica powder was obtained by drying the corresponding
modified silica slurry. Pure silica and modified silica powders were extracted in a Soxhlet extractor
using ethanol for 24 h, 15 min for each reflux, to remove un-grafted AEO and K-MEPTS. Then,
all extracted silica powders were dried in the same oven at 70 ◦C for 24 h. These silica powders were
prepared for characterization using FT-IR, TGA and Raman spectroscopy.

2.3. Preparation of Master Batches

The modified silica slurry was cooled to room temperature and blended with the NR latex.
The solid content of the NR latex was confirmed in advance, and the weight ratio of silica to NR was
50:100 (e.g., 50 g of silica nanoparticles for every 100 g solid content of NR). Then, the mixture of silica
and NR latex was stirred for 0.5 h and coagulated with 3% formic acid solution. Finally, the flocs were
washed with water 6 times and then dehydrated in a drying oven at 60 ◦C for 36 h to obtain silica/NR
master batches. The master batches prepared with A0K6-MS, A4K6-MS, A6K4-MS, A8K2-MS and
A8K0-MS were called A0K6-MB, A4K6-MB, A6K4-MB, A8K2-MB and A8K0-MB, respectively.

2.4. Preparation of Silica/NR Composites

The formulation of silica/NR compounds is shown in Table 2. Silica/NR compounds were
obtained through three stages of mixing. First, the master batches were masticated for 2 min in an
internal mixer equipped with an oil circulating system to maintain the processing temperature at 55 ◦C.
Then, zinc oxide, stearic acid and N-1,3-dimethylbutyl-N′-phenyl-p-phenylenediamine were added to
the master batches successively. Second, compounds were kneaded for 5 min in the same internal mixer
at 150 ◦C to further promote the reaction between silica and modifier and then naturally cooled to
room temperature. Finally, N-cyclohexyl-2-benzothiazole-sulfenamide, diphenyl guanidine and sulfur
were uniformly blended in sequence with the cooled compound in a 6-inch mill (Shanghai Rubber
Machinery Works No. 1, Shanghai, China) at room temperature. The total mixing time was no more
than 15 min. The silica/NR compounds that contained A4K6-MB, A6K4-MB and A8K2-MB were
denoted as A4K6-C, A6K4-C and A8K2-C, respectively.

Table 2. Formulation of silica/natural rubber (NR) compounds.

Material Amount (phr a) Comment

Master batches 155 Filler and matrix
Stearic acid 2.0 Activator
Zinc oxide 5.0 Activator

N-1,3-dimethylbutyl-N′-phenyl-p-phenylenediamine 2.0 Antioxidant
N-Cyclohexyl-2-beozothiazole sulfenamide 2.0 Accelerator

1,3-Diphenylguanidine 1.0 Accelerator
Sulfur 2.0 Curing agent

a Parts per hundred of rubber.
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The scorch time (T10) and optimum cure time (T90) of the compound were measured using a disc
vulcameter. The compounds were vulcanized at 143 ◦C according to their optimum cure time (T90) in
a standard mold to produce the silica/NR vulcanizates, which were stored at room temperature for at
least 24 h before determining the performance.

2.5. Characterizations

The groups of pure and modified silica were characterized by Fourier transform infrared
spectroscopy (FT-IR; Bruker Optik GmbH Co., Tensor 27, Ettlingen, Germany), using the absorption
mode under a wave ranging from 4000–400 cm−1 with a resolution of 4 cm−1. The samples were
pressed into pellets together with potassium bromide.

Raman spectra of pure and modified silica samples were recorded from 3200–2500 cm−1 on an
inVia confocal Raman spectrometer (Renishaw PLC, Gloucestershire, UK) using a 514-nm laser beam.
The power of a 514-nm argon ion excitation laser at the source is approximately 50 mW (highest power)
and 20 mW at the surface of the sample. The Raman spectra of the samples were obtained from pressed
solid samples in a sealed capillary tube.

Weight loss measurements of pure and modified silica and the master batches were performed on
a thermal gravimetric analyzer (TGA) STARe system (Mettler-Toledo Co., Greifensee, Switzerland)
in a nitrogen atmosphere. Samples for the TGA tests were heated at a heating rate of 10 ◦C/min.
The residual weight of master batches, NR, silica, K-MEPTS and AEO were recorded as Rm, Rr, Rs, R5

and RA, respectively.
The filler dispersion in silica/NR master batches and silica/NR composites was observed under a

Tecnai G2 20 transmission electron microscope (TEM, FEI Co., Hillsboro, OR, USA) with an accelerating
voltage of 200 kV. Thin sections for TEM observations were cut by a microtome at −100 ◦C and collected
on copper grids.

The dynamic rheological performances of silica/NR compounds and silica/NR composites were
analyzed using RPA2000 (Alpha Technologies Co., Ltd., Akron, OH, USA) at 60 ◦C. For the rubber
compounds, the strain varied from 0.1%–400% at the test frequency of 1 Hz. For the rubber vulcanizates,
the strain varied from 0.1%–40% at the test frequency of 1 Hz. The test of each specimen was repeated
3 times.

The vulcanization characteristics of silica/NR compounds were measured at 143 ◦C using a
P3555B2 disc vulkameter (Beijing Huanfeng Chemical Machinery Trial Plant, Beijing, China). The test
of each specimen was repeated 3 times.

The mechanical performance of the silica/NR composites were investigated according to ASTM
D638 specifications using a CMT4104 electrical tensile tester (Shenzhen SANS Test Machine Co.,
Shenzhen, China) with an across-head speed of 500 mm/min. The test of each specimen was repeated
5 times.

3. Results and Discussion

3.1. Characterization of Silica Modified by AEO and K-MEPTS

3.1.1. FT-IR of Pure and Modified Silica

As shown in Figure 2, compared to the FT-IR spectra of the pure silica, all curves of the modified
silica had absorption peaks at 2930, 2970 and 2870 cm−1, attributed to the vibrations of –CH2– and
–CH3 bonds [37]. The appearance of organic groups, such as –CH2– and –CH3, on the modified silica
surface shows that K-MEPTS and AEO exist on the silica surface.
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Figure 2. Fourier transform infrared (FT-IR) spectra of pure silica and all modified silica.

The absorption peaks at 3450 and 1650 cm−1 correspond to the stretching and deforming vibration
modes of the –O–H bonds [38], respectively. The relative intensity (RI) of the peak at 3450 cm−1,
which is the difference between the intensity of the peak and the baseline, is determined by the number
of –O–H bonds. Therefore, a high RI means a large number of hydroxyl groups is present on the silica
surface. RI can be calculated using the normalized FT-IR data, and the RI of all samples are listed in
Table 3. The RI of all silica modified by AEO and K-MEPTS together decreased with increasing the
AEO used in silica modification, indicating that replacing K-MEPTS with AEO can more effectively
reduce the amount of active –O–H bonds on the silica surface.

Table 3. Relative intensity (RI) of the peak at 3400 cm−1 for pure silica and all modified silica.

Sample Pure silica A0K6-MS A4K6-MS A6K4-MS A8K2-MS A8K0-MS

RI 0.318 0.211 0.189 0.184 0.178 0.196

3.1.2. Raman Spectroscopy of Pure and Modified Silica

No peak is shown on the curve of pure silica; therefore, no organic groups are present on the
surface of pure silica (Figure 3). Meanwhile, one peak is found on the curve of A8KO-MS and
two peaks on other curves. The peak at 2930 cm−1 corresponds to methylene bonds, demonstrating
that the AEO and K-MEPTS were grafted on the silica surface. Another peak is recorded at 2570 cm−1,
which corresponds to –S–H bonds, indicating that K-MEPTS was grafted on the silica surface.
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Figure 3. Raman spectra of pure silica and all modified silica.

The peak intensity around 2570 cm−1 for A4K6-MS is significantly weaker than that of A0K6-MS.
The only difference for A0K6-MS and A4K6-MS was whether AEO was used in silica modification.
The most probable reason for this result was that the AEO molecule had a chance to shield the
mercaptopropyl group on K-MEPTS.

3.1.3. TGA Curves of Pure and Modified Silica

As illustrated in Figure 4 and Table 4, all the samples exhibited large weight losses in the first
region between 35 and 120◦C. The weight loss in this region was caused by the removal of the adsorbed
water. The amount of adsorbed water on the silica surface shows the same tendency as the amount of
hydroxyl groups on the silica surface.

Figure 4. Thermal gravimetric analyzer (TGA) curves of pure silica and all modified silica.

Table 4. Weight losses of pure and modified silica in the first and second regions.

Sample
Weight loss in the first region

(35–120 ◦C)/%
Weight loss in the second region

(120–800 ◦C)/%

Pure silica 3.16 4.27
A0K6-MS 2.13 5.31
A4K6-MS 1.88 7.54
A6K4-MS 1.78 7.13
A8K2-MS 1.71 6.66
A8K0-MS 1.90 5.55

All of modified silica had a large weight loss in the second region between 120 and 800 ◦C.
The weight loss of modified silica was due to the degradation of AEO and K-MEPTS, and the weight
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loss of pure silica was due to the dehydroxylation of hydroxyl groups. All modified silica had a larger
weight loss than pure silica in the second region; whereas A4K6-MS had a larger weight loss than
A0K6-MS in the second region. This is a noteworthy finding that indicates that both K-MEPTS and
AEO were grafted onto the silica surface.

For A4K6-MS, A6K4-MS and A8K2-MS, the total weight of AEO and K-MEPTS grafted on silica
decreased, but the amount of adsorbed water decreased sequentially. Therefore, AEO is a more effective
modifier than K-MEPTS in changing the hydrophilicity of silica. This result could be attributed to the
structure of the AEO molecule, which likely covered multiple hydroxyl groups on the silica surface.
In contrast, a K-MEPTS molecule could react with up to one hydroxyl group on the silica surface.
The decrease in the hydrophilic nature of silica generally means that the compatibility between silica
and the organic phase, such as rubber, is improved, which is crucial for preparing high performance
silica/NR composites.

Based on the above results, the interaction between AEO and K-MEPTS is shown in Figure 5.
The activity of the mercaptopropyl on K-MEPTS is affected by this interaction. Therefore, the
chargeability and reactivity of silica modified with AEO and K-MEPTS together differ from that
of silica modified with K-MEPTS alone.

Figure 5. Schematic diagram of the interaction between AEO and K-MEPTS during silica modification.

3.2. Characterization of Silica/NR Master Batches Prepared with Pure and Modified Silica

3.2.1. Co-Coagulation of Silica/NR Mixture in Preparing the Master Batches

The co-coagulation of the silica/NR mixture used in preparing the master batches using several
modified silica and pure silica (A0K0-MS) is shown in Figure 6. The images of the silica/NR mixtures,
which were prepared by adding the NR latex into the silica slurries and stirring for 10 min, are shown
in Figure 6a. Images of master batches, prepared by adding 3% formic acid solution into mixtures,
are shown in Figure 6b. A6K4-MS was selected as the representative for silica modified with both
AEO and K-MEPTS together, because the phenomenon of preparing silica/rubber master batches was
almost the same for A4K6-MS, A6K4-MS and A8K2-MS.

As presented in Figure 6(a2), part of the mixture coagulated when NR was mixed with A0K6-MS,
even if the formic acid solution was not added into this mixture. This phenomenon indicates that
K-MEPTS promotes the coagulation of NR latex. As presented in Figure 6b, A0K6-MB, A8K0-MB
and pure silica masterbatch were largely clustered, and the residual aqueous phase was white and
turbid with abundant silica. Conversely, A6K4-MB coagulated as complete sediments, and the residual
aqueous phase was clear.
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Figure 6. Preparation process of the master batches with pure and modified silica.

The difference in the coagulation phenomenon in different master batches was caused by
electrostatic attractive or repulsive forces. An additional simple experiment was performed to confirm
this inference. As presented in Figure 7, four kinds of pure and modified silica were added to a beaker
with a 2 by 2.5-cm copper plate, as an electrode device. After two hours, the silica deposited on
the electrode was weighed after drying. The results of silica deposition are also shown in Figure 7.
The pure silica and A8K0-MS were deposited on the positive electrode, indicating that both were
negatively charged. In contrast, A0K6-MS and A6K4-MS were deposited on the negative electrode;
meanwhile, the amount of A0K6-MS deposited was more than the A6K4-MS deposited. This result
indicates that A0K6-MS and A6K4-MS were positively charged, and the positive charge of A0K6-MS
was more significant than that of A6K4-MS.

Figure 7. Schematic diagram of the silica deposition experiment.

Based on the above results, we made a schematic diagram of the electrostatic attractive or
repulsive forces between silica and latex particles. The surface of both the silica particle and NR latex
particle were negatively charged [39], causing an electrostatic repulsion in the system, as presented
in Figure 8a. Therefore, pure silica/NR masterbatch had a large amount of silica loss in the aqueous
phase. The changes in the silica surface charge contributed to the adsorption between rubber and
silica. However, A0K6-MS had a significantly positive charge, resulting in a strong attractive force
between A0K6-MS and rubber latex particles. This force would damage the electrical layer stability of
the rubber latex particles, as shown in Figure 8b. Therefore, a mixture of A0K6-MS and NR latex was
coagulated in the absence of formic acid solution.
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Figure 8. Schematic diagram of the electrostatic forces between pure or modified silica and NR.

The positive charge of A6K4-MS was weaker than that of A0K6-MS. The attractive force between
the NR latex particles and modified silica was at an appropriate level, resulting in the successful
preparation of A6K4-MB. However, AEO was a nonionic surfactant that had no effect on the electrical
performance of the silica surface. Therefore, a repulsive force still existed between A8K0-MS and NR
latex particles, as presented in Figure 8d. In this scenario, the co-coagulation of the mixture of latex,
which included NR latex and A8K0-MS, was unsatisfactory.

3.2.2. Actual Amount of Silica in Silica/NR Master Batches

The actual amount of silica in the master batches was calculated using the following equation:

Silica content (phr) =
100 × (Rm − Rr)

Rs + SA × RA + S5 × R5 − (1 + S5 + SA)× Rm
(1)

where Rm, Rr, Rs, R5 and RA are the 800 ◦C weight (%) of master batches, rubber, silica, K-MEPTS and
AEO, respectively. S5 is the weight ratio of K-MEPTS to modified silica, and SA is the weight ratio of
AEO to modified silica. The calculated results according to this equation are shown in Table 5. For all
master batches that contained silica modified with K-MEPTS and AEO together, the actual amount
of silica in the master batches is approximately equal to the additional amount of silica (50 parts
per hundred of rubber (phr)). In contrast, the actual amount of silica in A0K6-MB, A8K0-MB and
A0K0-MB is obviously lower than the 50 phr addition of silica. This result further indicates a huge loss
of silica occurred during coagulation when K-MEPTS or AEO was used individually to modify silica.
The results are consistent with the observed macroscopic phenomena in Section 3.2.1.
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Table 5. Weight losses of six kinds of silica/NR master batches.

Samples Weight residual/%
Theoretical amount of silica

in masterbatches/phr
Actual amount of silica
in masterbatches/phr

Pure NR 1.32 - -
Pure silica 92.57 - -

KH-590 9.13 - -
AEO 3.27

A0K6-MB 26.32 50 38.33
A4K6-MB 30.76 50 49.55
A6K4-MB 30.83 50 49.83
A8K2-MB 30.65 50 49.46
A8K0-MB 23.71 50 33.31
A0K0-MB 22.89 50 30.96

Because of the interaction between AEO and K-MEPTS, silica modified with AEO and K-MEPTS
together had appropriate chargeability and completely co-coagulated with the rubber, which is another
key factor for preparing high performance silica/NR composites using the latex compounding method.

3.2.3. Micromorphology of the Silica/NR Master Batches Observed by TEM

As shown in Figure 9, silica is uniformly dispersed in the matrix without serious aggregation in
these master batches. The silica dispersion in A6K4-MB is somewhat more homogeneous than in other
samples. This composite has fewer silica aggregates than the others. This result demonstrates that
the electrostatic attractive force between A6K4-MS and rubber molecules is the most successful in the
three master batches that were successfully prepared.

Figure 9. TEM images of (a) A4K6-MB; (b) A6K4-MB; and (c) A8K2-MB.

3.3. Characterization of the Preparation Process of Silica/NR Composites

The method of preparing A4K6-C, A6K4-C and A8K2-C is described in Section 2.4. A0K6-C cannot
be prepared using master batches due to the huge silica loss in preparing A0K6-MB. Therefore,
the mechanical blending method was used for preparing A0K6-C.

As shown in Table 6, A0K6-C had the shortest scorch time (T10) in all the tested silica/rubber
compounds. In increasing order, the scorch times of A4K6-C, A6K4-C and A8K2-C were longer
than that of A0K6-C. The reactivity of the mercaptopropyl group decreases when AEO was used
together with K-MEPTS. Therefore, AEO slowed the rate of reaction between K-MEPTS and rubber.
The “scorchy: problem can be mitigated by using AEO and K-MEPTS together in silica modification.
The ΔM of A0K6-C was a little bit higher than that of A4K6-C. The silica modified by K-MEPTS could
function as a cross-linking point, resulting in the improved crosslinking density of the silica/rubber
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composite, which is reflected by ΔM. Therefore, AEO has little effect on preventing the reaction
between K-MEPTS and rubber.

Table 6. Vulcanization characteristics of four kinds of silica/NR compounds.

Samples T10/min T90/min ΔM/dNm

A0K6-C 0.65 3.03 30.39
A4K6-C 2.05 5.28 28.72
A6K4-C 3.25 5.87 26.89
A8K2-C 3.72 7.33 24.95

3.4. Characterization of Silica Dispersion in Silica/NR Composites

3.4.1. Payne Effect of Silica/NR Compounds Investigated by RPA

At approximately 1% strain, the storage modulus (G′) decreases rapidly with increasing strain and
approaches 0 kPa with a sufficiently large strain as shown in Figure 10. The Payne effect is indicated by
the ΔG′, which is the difference between the minimum and maximum G′ in the curve [40]. This effect
can be attributed to deformation-induced changes in the microstructure of the material. The Payne
effect is not significant when ΔG′ is small. The low Payne effect indicates high uniformity of the
filler dispersion.

Figure 10. Strain amplitude dependence of the storage modulus (G′) of four silica/NR compounds.

As shown in Figure 10, A0K6-C exhibits a more obvious Payne effect than the other silica/NR
compounds. This finding indicates that the dispersion of silica modified by AEO and K-MEPTS
together in silica/NR composites prepared in master batches is more homogeneous than that of silica
modified by K-MEPTS alone in silica/NR composites prepared using mechanical blending. This result
was caused by two reasons: AEO effectively reduces the hydrophilicity of silica, resulting in improving
silica dispersion in NR matrix; and the silica dispersion in the rubber matrix is improved by the latex
compounding method [22].

The Payne effect of the composite decreases with increasing AEO used in the silica modification
and then reaches the lowest value when the weight ratio of AEO to silica is 6:100 and that of K-MEPTS
to silica is 4:100 (A6K4-C). This result show the same tendency as the silica dispersion in silica/NR
master batches. Therefore, the silica dispersion in master batches directly affects the dispersion of
silica in silica/NR compounds, which further indicates the importance of preparing silica/NR master
batches with a homogeneous silica dispersion.

3.4.2. Micromorphology of the Silica/NR Composites Observed by TEM

Figure 11 shows that the silica dispersion in the vulcanizates of A4K6-C, A6K4-C and A8K2-C
is significantly more homogeneous than in the vulcanizate of A0K6-C, because the latter contains
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more silica aggregates. AEO grafted onto the silica surface, but did not react with rubber, resulting
in the formation of a physical interface between silica and rubber. This physical interface reduced
the polarity of silica and improved the compatibility between silica and rubber, thus improving the
dispersion of silica in rubber. In contrast, K-MEPTS grafted onto the silica surface and reacted with
rubber, resulting in forming a chemical interface between silica and rubber. The silica particles could
be connected with the rubber molecules with the help of K-MEPTS. Therefore, this chemical interface
played a role in preventing the aggregation of primary silica particles. Silica modified by using both
AEO and K-MEPTS together benefits from the chemical and physical interaction between silica and
rubber. In this research, the silica/NR composites had the best silica dispersion when the weight ratio
of AEO to K-MEPTS was 6:4 for silica modified by 10% weight modifiers.

Figure 11. TEM images of four silica/NR composites.

3.5. Characterization of Silica/NR Composites

3.5.1. Mechanical Performances of Silica/NR Composites

As shown in Figure 12 A0K6-C vulcanizate exhibits a 50% higher modulus and a 40% lower
elongation at break than A4K6-C vulcanizate. The tensile strength of A0K6-C vulcanizate is 40% lower
than that of A4K6-C vulcanizate. The chemical interface formed by K-MEPTS functions as a “coupling
bridge” to improve the reinforcing efficiency of silica on rubber, demonstrated by the high modulus.
However, the excessive chemical interface between silica and rubber leads to stress-concentrated
regions [31], resulting in a low elongation at the break. Because of the physical interface formed by
AEO, the most elongated rubber chains slip along the surface of silica and equalize the high stress [41],
resulting in a proper modulus and elongation at break of A4K6-C vulcanizate.

For vulcanizates of A4K6-C, A6K4-C and A8K2-C, with decreasing K-MEPTS used in silica
modification, the modulus decreases, but the elongation at break increases. The chemical interface
between silica and rubber becomes stronger with the increase in the amount of K-MEPTS used in silica
modification. The physical interface between silica and rubber becomes stronger with the increase
in AEO used in silica modification. As presented in Figure 12, the tensile strength of the composites
peaked at a value of 28.9 MPa for the A6K4-C vulcanizate sample. The tensile strength of the silica/NR
composite was affected by both the modulus and the elongation at break. Therefore, the mechanical
performance of the silica/NR composites were the best when a proper combination of physical and
chemical interface existed between silica and NR. In this research, the silica/NR composites had the
best mechanical performance when the weight ratio of AEO to K-MEPTS was 6:4 with silica modified
by 10% weight modifiers.
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Figure 12. Mechanical performance of silica/NR composites.

3.5.2. Dynamic Performances of Silica/NR Composites

In tire applications, the tan δ values at 60 ◦C are typically used to predict rolling resistance.
As presented in Figure 13, the tan δ values under large strain (>5%) are arranged from high to low
in the following order: A0K6-C vulcanizate, A8K2-C vulcanizate, A4K6-C vulcanizate and A6K4-C
vulcanizate. The rolling resistance of the A0K6-C vulcanizate was the highest of these four silica/NR
composites due to the strong mutual friction between silica particles under cyclic reversed loading.
In theory, the silica fixed with rubber molecules by a “coupling bridge” would barely enhance internal
friction loss [4,27]. However, many silica aggregates were still present in the A0K6-C vulcanizate.
The mutual friction remained strong between the silica particles that were tightly conglutinated under
cyclic reversed loading. In contrast, silica modified with AEO and K-MEPTS together improved silica
dispersion, with silica and rubber fixed together. Therefore, combining good silica dispersion and an
appropriate interaction between silica and rubber by designing a proper interface were beneficial to
improving the dynamic performance of silica/NR composites.

Figure 13. Strain-tan δ curve of four silica/NR composites (60 ◦C).

The relationship of the tan δ of silica/NR composites with increasing strain is also shown in
Figure 13. The tan δ value of A0K6-C vulcanizate is the greatest and increases rapidly with increasing
strain. The increase of the tan δ amplitude with strain increase in the curves of A4K6-C, A6K4-C and
A8K2-C vulcanizates are lower than that of A0K6-C vulcanizate. A6K4-C vulcanizate has the lowest
increase in tan δ value with strain in all samples, which means that when using A6K4-C composite as
tire tread, the rolling resistance of the tire changes minimally with increasing vehicle load.

As shown in Figure 14, the heat build-up test, used to characterize the rolling resistance of
silica/rubber composites in practical applications, was also performed to investigate the dynamic
performance of different silica/NR vulcanizates. The heat build-up values are arranged from high
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to low in the following order: A0K6-C vulcanizate, A8K2-C vulcanizate, A4K6-C vulcanizate and
A6K4-C vulcanizate. This result aligns well with the loss factor (tan δ) measured by RPA. Therefore,
using AEO and K-MEPTS together for silica modification is a novel strategy for preparing silica/NR
composites used in “green tires” with low rolling resistance.

Figure 14. Heat build-up of four silica/NR composites.

4. Conclusions

In this research, we proposed an extremely effective strategy of using both AEO and K-MEPTS
together for silica modification, by preparing silica/NR using the latex compounding method. As we
designed, tailored silica was dispersed in the aqueous phase and completely co-coagulated with the
NR. The silica/NR composites prepared by these master batches had ideal dynamic and mechanical
performance, especially for A6K4-C, which was a composite containing silica modified with 6% AEO
and 4% K-MEPTS (weight ratio of modifier to silica). This research provides a significant potential for
preparing high performance silica/NR composites in a user-friendly method.

Furthermore, we investigated the effect of several interactions on the performance of silica/rubber
composites. We confirmed that both AEO and K-MEPTS grafted onto the silica surface, and AEO
shielded K-MEPTS, resulting in weakening the chargeability and activity of the mercaptopropyl group
on K-MEPTS. This interaction between these two modifiers contributed to solving the problem of
huge silica loss and “scorchy” behavior in the preparation of silica/rubber composites. This is a novel
and practical interaction confirmed in this work. In silica/NR composites, AEO formed a physical
interface between silica and rubber, resulting in reducing the aggregation of silica and improving the
silica dispersion in the rubber matrix. Moreover, K-MEPTS formed a chemical interface between silica
and rubber, resulting in strengthening the connection between silica and rubber and reducing the
mutual friction between silica particles. Finally, AEO and K-MEPTS acted synergistically to improve
the mechanical and dynamic performances of silica/NR composites.

Overall, the novel strategy outlined in this article provides a new strategy for the preparation
of rubber materials with excellent performance. We hope that the preparation of silica/NR master
batches using this strategy will present practical and profound applications in the rubber industry.
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Abstract: A blend of Polyvinylidene Fluoride (PVDF) and SiO2 microspheres in N,N-Dimethylformamide
(DMF) underwent phase inversion to form a PVDF/SiO2 membrane with SiO2 microspheres in the
membrane’s pores. Subsequently, the SiO2 microspheres have been used as platforms for in site Ag
nanoparticles (NPs) synthesis, forming a composite membrane. Benefitting from the full exposure of
Ag NPs to the reactants, the composite membrane shows high catalytic reactivity when catalyzing
the reduction of p-nitrophenol under a cross-flow. The catalytic reaction follows the first-order
kinetics, and the reaction rate increases with an increase in the amount of Ag NPs in the membrane,
the reaction temperature, and the operating pressure. What is more, highly purified products can be
produced and separated from the reactants in a timely manner by using the composite membrane.

Keywords: Ag nanoparticles; catalysis; composite membrane; separation; SiO2 microspheres

1. Introduction

Noble metal nanoparticles (NPs) are very attractive catalysts due to their highly active surface
atoms [1–3]. However, they can easily agglomerate during the catalytic reaction process due to their
high surface-to-volume ratio and surface energy [4]. In order to overcome this drawback in application,
noble metal nanocatalysts are generally stabilized by stabilizers, such as polymers [2], complex
ligands [5], and surfactants [4]. However, the catalytic reactivity of a metal nanocatalyst is low due
to the restricted contact between the reactants and metal NPs resulting from the catalysts’ surfaces
covered by these stabilizers [6–8]. Fortunately, many studies have indicated that metal NPs loaded
onto the surfaces of SiO2 microspheres can fully expose their reactive points to reactants, and therefore
have high reactivity [9–12]. However, the use and reuse of metal NPs is still difficult and inconvenient
due to the aggregation of SiO2 microspheres [9,10].

Membranes have been strongly suggested as supports for metal catalysts [13–16]. Membranes
have large surface areas for loading metal NPs and many opened pores for reactants’ passage.
Furthermore, membranes with metal catalysts can be used continuously and repeatedly, without
the need to separate the metal catalysts from the reaction system [13–17]. In addition, membranes
as platforms can enhance the circular stability and longevity of the metal catalysts [13,17]. However,
a tedious process is needed to introduce metal NPs into a membrane because the commonly used
membrane material has no reactive groups for binding metal NPs [15,18]. Recently, we facilely
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introduced noble metal NPs into a membrane by introducing polymeric spheres into the same one
beforehand for loading metal NPs [13,17]. However, the functional polymers for binding metal NPs
have been easily swollen, leading to a negative effect on catalysis [2,15,16,18]. Therefore, it is necessary
to find a better strategy to load the noble metal NPs onto a membrane.

In addition, membranes have two external surfaces and many inner pores, which play different
roles in a filtration process [19]. By the rejection of the membrane surface and the selective permeability
of the membrane pore, different substances are separated from a mixture [19,20]. However, for too
long, catalytic membranes have been only used as catalysts and their separation performance has not
been focused on a catalysis process [15,16,18]. Even so, it is clear that the timely separation of products
from reactants is still very important and necessary when a membrane is used as a catalyst because it
can significantly decrease the operation’s cost and avoid the undesired side reaction possible from the
reactants and products [13,16,21]. Previous reports have provided many successful technologies to
anchor metal NPs into a polymeric membrane, but the formed membrane cannot realize the desired
timely separation of products due to the metal catalysts both on the membrane’s surface and in the
membrane’s pores, which always leads to a mixture of reactants and products [15,16,18]. Obviously,
a new membrane is needed to realize this special separation property [22]. Recently, we reported the
successful separation of products from reactants by using a composite membrane with polymeric
spheres and embedded metal NPs in the membrane’s pores [13,17]. Since these polymeric spheres
have the intrinsic drawbacks of wrapping the metal catalysts [2], they should be replaced by a
better candidate.

Here, we report a composite membrane with SiO2 microspheres coated by Ag NPs in the
membrane pores and its catalytic property. The composite membrane was prepared from a first
formation of a blend membrane with a PVDF substrate and SiO2-NH2 microspheres, and the
subsequent growth of Ag NPs on the surfaces of the SiO2-NH2 microspheres. The catalysis and
separation properties of the novel membrane were evaluated by the reduction of p-nitrophenol under a
cross-flow model. The Ag NPs have high catalytic reactivity and a relatively low cost among the noble
metal nanocatalysts, and the reduction of p-nitrophenol is a simple way for producing p-aminophenol,
which is an important fine chemical intermediate [4,8,9]. Therefore, this reaction system will, no doubt,
have significant value for the chemical industry.

2. Experimental Section

2.1. Materials and Reagents

Tetraethylorthosilicate (TEOS, 98%) and 3-(Aminopropyl)trimethoxysilane (APTMS, 97%) were
purchased from Aladdin Chemistry Co., Ltd., Shanghai, China. Aqueous ammonia (NH3·H2O,
25%), anhydrous ethanol (99.7%), silver nitrate (AgNO3, 99.8%), and p-nitrophenol, sodium
borohydride (NaBH4, 98%) were supplied by Kermel Reagent Co., Ltd., Tianjin, China. PVDF powders
(Mw = 3.52 × 105, Mw/Mn = 2.3, Solvay Company, Brussels, Belgium, Solef 1010) were used as received.
N,N-Dimethylformamide (DMF, 99.5%) and polyvinylpyrrolidone (PVP K30, Mw = 58,000) were
purchased from Guang Fu Fine Chemical Research Institute (Tianjin, China). All of the reagents were
of analytical grade and used without further purification.

2.2. Synthesis of SiO2-NH2 Microspheres

SiO2 microspheres were synthesized by the Stöber method [23] and then modified with -NH2

groups through APTMS. In brief, a solution of ammonia (25.0 mL) and anhydrous ethanol (200.0 mL)
was added into a three-neck round-bottom flask (500.0 mL) by vigorous stirring at 25 ◦C. After 0.5 h,
TEOS (10.0 mL) was added to the flask. After another 12.0 h, APTMS (0.5 mL) was introduced into the
solution. The mixture was retained at 80 ◦C for 2.0 h and then centrifuged. The SiO2-NH2 microspheres
were obtained after the solid product underwent three cycles of centrifugation, re-suspension in
anhydrous ethanol, and a final drying at 60 ◦C.
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2.3. Preparation of the Composite Membrane

Preparation of the PVDF/SiO2 blend membrane: the PVDF/SiO2 blend membrane was prepared
by immersion precipitation phase inversion [19,20]. PVDF powders (6.80 g), the synthesized SiO2-NH2

microspheres (1.20 g), and PVP (0.47 g) were dispersed in DMF (41.42 mL) by vigorous stirring until a
clear homogeneous solution was obtained at 60 ◦C. After being degassed under vacuum, the casting
solution was cast onto a glass plate, which was subsequently immersed in de-ionized water (25 ◦C).
When the nascent membrane was separated from the substrate, it was rinsed with de-ionized water to
remove the residual solvent thoroughly and then stored in de-ionized water.

Preparation of the composite membrane: in a dark environment, the as-prepared PVDF/SiO2

membranes were immersed into different AgNO3 solutions (2.18 × 10−3, 2.18 × 10−4, and 2.18 × 10−5 mM)
for 24.0 h to load Ag+ onto SiO2-NH2 microspheres of membranes. After the unbound Ag+ in a
membrane was washed by de-ionized water, fresh NaBH4 solution was then used to reduce the
Ag+ of the membrane into Ag NPs. The obtained PVDF/SiO2@Ag composite membranes were
further rinsed with de-ionized water and then kept in de-ionized water until use. By changing the
concentration of AgNO3 solution, three composite membranes were prepared, named as MB-Ag-1,
MB-Ag-2, and MB-Ag-3, respectively.

2.4. Characterization

2.4.1. Characterization of Composition, Structure, and Morphology

Fourier Transform Infrared Spectra (FTIR) of the SiO2 microspheres and SiO2-NH2 microspheres
were recorded using a Bruker VECTOR-22 IR spectrometer (Bruker Daltonic Inc., Karlsruhe, Germany).
The chemical composition of a membrane was characterized using attenuated total reflectance Fourier
Transform Infrared Spectra (ATR-FTIR) with Zinc Selenide (ZnSe) as an internal reflection element at
an incident angle of 45◦. The spectra were collected at 16 scans at a resolution of 4.0 cm−1 and recorded
in a wave number range of 4000–400 cm−1.

X-ray photoelectron spectroscopy (XPS) measurements of membrane surfaces were performed
by using a Thermo Fisher K-alpha X-ray photoelectron spectrometer (Thermo Scientific, Waltham,
MA, USA) with a monochromated Al Kα X-ray source (1486.6 eV photons) at a pass energy of 93.9 eV.
The measurements were conducted at a take-off angle of 45◦ with respect to the sample surface. Survey
XPS spectra were obtained by sweeping over 0–1350.0 eV electron binding energy with a resolution of
1.0 eV.

The membranes’ morphologies were observed by field emission electron microscopy (FESEM,
Hitachi S-4800, Tokyo, Japan). Dried samples were freeze-fractured using liquid nitrogen and then
sputter-coated with a thin gold layer to increase the contrast and quality of the images. An energy
dispersive X-ray analysis (EDX) was conducted to examine the cross-sectional compositions of the
composite membranes.

2.4.2. Water Contact Angle Measurement

Water contact angle measurements were performed with the sessile drop method using a contact
angle meter (JYSP-180, Jinshengxin, Testing Machine Co., Beijing, China) [24]. A syringe with a needle
diameter of 0.525 mm was used to place a water droplet of 4.0 μL on the membrane surface. The contact
angle was measured by generating tangent lines to both sides of the droplet static image with the Drop
Shape Analysis software.

2.5. Measurements of a Membrane’s Porosity and Pore Size

The porosity (ε) of a membrane was determined at 25 ◦C by the wet-dry weighting method [25].
The porosity was calculated as the pore’s volume divided by the membrane’s volume with Equation (1) [13]:
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ε =
W1 − W2

ρw × A × l
× 100%, (1)

where W1 (g) is the weight of the wet membrane, W2 (g) is the weight of the dry membrane, l (mm)
is the membrane’s thickness, A (cm2) is the effective membrane surface area, and ρw (g·cm−3) is the
water density. The average pore size (d) of the membrane was calculated according to the pure water
flux by the Guerout-Elford-Ferry equation [20]:

d =

√
(2.9 − 1.75ε)× 8ηl J

ε× A × ΔP
, (2)

where ε is the membrane’s porosity, η (Pa·s) is the pure water viscosity, ΔP (MPa) is the operation
pressure, and J (L·m−2·h−1) is the volume of pure water penetrating through the membrane during
unit time.

2.6. Measurement of Metal Content

Metal contents were determined by measuring the concentrations of metal ions of a dilute
nitric acid extract of the metal NPs of the composite membrane using inductively coupled plasma
atomic emission spectrometry (ICP-AES, Varian 715-ES, Palo Alto, CA, USA). Before measurement,
the composite membrane was immersed in nitric acid (10.0 mL, 5.0 M) for 0.5 h and then diluted to a
final volume of 100.0 mL by de-ionized water.

2.7. Pure Water Flux through a Membrane

A membrane (17.9 cm2) was firstly pre-pressured for 1.0 h under an operating pressure to maintain
a steady state. Then, the pure water flux was measured under a cross-flow pattern [24,25]. The water
flux (J) was obtained by an average of three measurements according to Equation (3) [24]:

J =
Q

A × Δt
, (3)

where Q (L) is the permeate volume and Δt (h) is the filtration time.

2.8. Catalytic Reduction of p-Nitrophenol by a Composite Membrane

The reactivity of the prepared PVDF/SiO2@Ag composite membrane was investigated by the
reduction of p-nitrophenol to p-aminophenol. The reaction was carried at pH 10.0. A feed solution was
prepared by mixing a p-nitrophenol solution (0.144 mM, 490.0 mL) with a freshly prepared NaBH4

aqueous solution (79.22 mM, 10.0 mL). The catalytic reaction was carried out under a cross-flow
experiment apparatus as shown in Figure 1. Under a cross-flow, the feed solution circularly flowed
through a composite membrane (A = 17.9 cm2 and l = 0.16 mm) at 0.1 MPa and 25 ◦C. The concentration
change of p-nitrophenol in the feed solution was studied by monitoring the absorbance maximum
(λmax = 400 nm) of p-nitrophenol with a UV-Vis spectrophotometer (TU-1810PC, Beijing Purkinje
General Instrument Co., Ltd., Beijing, China) at an interval of 2.0 min.

2.9. Reusability Test

The catalytic recyclability was determined by repeating the measurement of p-nitrophenol
reduction described in Section 2.8 with a composite membrane. After one measurement cycle,
the membrane was washed thoroughly with water and the next catalytic run was then started.
The aforementioned procedure was repeated eight times.

67



Polymers 2018, 10, 59

 

Figure 1. The diagram of experimental setup for catalysis.

3. Results and Discussion

3.1. Characterizations of SiO2 and SiO2-NH2 Microspheres

The morphologies of the synthesized SiO2 and SiO2-NH2 are observed by FESEM. As shown
in Figure 2a, the as-prepared SiO2 is a uniform microsphere. The average diameters of the SiO2

microspheres are about 400.0 ± 20 nm. Meanwhile, the SiO2-NH2 also maintains a spherical shape,
and does not show any difference to SiO2 (Figure 2b). Figure 2c shows the FT-IR spectra of SiO2 and
SiO2-NH2 microspheres. All of the microspheres show peaks at around 1095 and 802 cm−1, which
are attributed to the Si–O–Si vibration [26]. The bands at 3500–3200 and 1630 cm−1 correspond to the
Si–OH stretching [10,12,27]. Compared to the spectrum of the SiO2 microsphere, the new peaks in
the ranges of 3000~2850 and 730–650 cm−1 appearing in the spectrum of the SiO2-NH2 microsphere
correspond to the C–H stretching vibration and N–H bending vibrations (APTMS), respectively [3].
The results demonstrate the presence of -NH2 on the surfaces of SiO2 microspheres, which can be used
in the loading of Ag NPs for catalysis [9,10].

  
(a) (b) 

 
(c) 

Figure 2. Field emission electron microscopy (FESEM) of synthesized SiO2 microspheres (a) and
SiO2-NH2 microspheres (b) and their FTIR spectra (c).
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3.2. Chemical Composition of a Membrane

Figure 3 shows the ATR-FTIR spectra of the membranes. For all membranes, strong peaks at
around 1280–1110 and 1461–1346 cm−1 are observed, which are assigned to the CF2 and CH2 of
PVDF [20,24,25]. In comparison with the PVDF membrane, the PVDF/SiO2 and PVDF/SiO2@Ag
membranes show distinct absorption bands of Si–O–Si at 1095 and 802 cm−1 (Figure 3) [9,10,12,26],
confirming SiO2-NH2 microspheres in the blend membrane and composite membrane. Because of the
very small content, the –NH2 cannot be examined by the FTIR, but can be found by XPS measurement.

 

Figure 3. Transform Infrared Spectra (ATR-FTIR) spectra of the pure PVDF membrane, the PVDF/SiO2

membrane, and the PVDF/SiO2@Ag membrane: MB-Ag-1.

As shown in Figure 4, the PVDF/SiO2 membrane shows all the binding energies that are ascribed
to the PVDF membrane. Besides, the PVDF/SiO2 membrane also shows a new binding energy (BE) at
100.5 eV that is assigned to Si–O–Si [28], and a new one at about 397.8 eV that is assigned to the -NH2

groups of SiO2-NH2 [3]. Compared with the PVDF/SiO2 membrane, the peaks corresponding to Ag
3d at BEs of 368.0 and 374.0 eV are also observed in the XPS spectra of the PVDF/SiO2@Ag membrane,
indicating that Ag0 species have been loaded onto the composite membrane [29]. Thus, the XPS spectra
confirm the presence of SiO2-NH2 microspheres and Ag0 in the PVDF/SiO2@Ag membrane.

Figure 4. X-ray photoelectron spectroscopy (XPS) survey spectra of the pure PVDF membrane,
the PVDF/SiO2 membrane, and the PVDF/SiO2@Ag membrane: MB-Ag-1.
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3.3. Morphology and Structure of the Membrane

The morphologies of the composite membranes are observed by FESEM. As shown in Figure 5a,
the composite membrane has a porous top surface with a pore size of about 20.0 nm. The small surface
pores are formed by the instantaneous phase separation of the casting solution on the glass plate.
Compared with the top surface, the bottom surface of the composite membrane shows rough and
larger pores (Figure 5b), which are caused by the slow diffusion between the solvent and nonsolvent
in the membrane formation process due to the bottom surface being closed to the glass plate [20].

The cross-section of the composite membrane shows a typical unsymmetrical structure, including
a dense separation layer on the top surface of the membrane, a finger-like middle layer. And a
sponge-like bottom layer (Figure 6a). The dense layer can resist protein or pollutants, and thereby
reduce their pollution of the membrane inner in the filtration process. Due to the phase separation
resulting from the poor interfacial compatibility between the SiO2-NH2 spheres and the PVDF in
the membrane formation, the middle layer forms many pores with several thousand nanometers,
which provide sufficient space for the SiO2-NH2 spheres used for binding metal catalysts [30].
The cross-section of the composite membrane (Figure 6b) shows that SiO2-NH2 microspheres are
uniformly distributed in the membrane pores. A further amplified image (Figure 6c) shows that Ag
NPs with a size of about 30.0 ± 5 nm are clearly stabilized on the surfaces of SiO2-NH2 microspheres.
Because of the much larger sizes of the SiO2-NH2 microspheres than those of the surface pores, Ag NPs
coated on the SiO2-NH2 microspheres can be long-term stained in the membrane pores, which is
profitable for a catalysis application.

  
(a) (b) 

Figure 5. FESEM images of the top surface (a) and the bottom surface (b) of PVDF/SiO2@Ag
membranes: MB-Ag-1.

Figure 7 shows the EDX spectrum of the cross-section of the composite membrane. As shown,
the elements of C, N, O, F, Si, and Ag coexist, which is consistent with the XPS result (Figure 4).
The content of the F and C elements is high, indicating that the main component of the composite
membrane is PVDF [31], which will provide a good mechanical property for the composite membrane.
The N and Si elements indicate the amino-functionalized SiO2 microspheres in the membrane, which
will account for the loading of Ag NPs [9,10,32]. The successful loading of Ag is confirmed by the Ag
element in the EDX spectrum (Figure 7). The loaded Ag content is measured by ICP-AES. As shown in
Table 1, the Ag loading content of the membrane increases from 0 to 5.32, 16.79, and 59.96 μg/cm2 by
increasing the concentration of AgNO3 (2.18 × 10−5, 2.18 × 10−4, and 2.18 × 10−3 mM, respectively)
in the preparation process.
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(a) (b) 

 
(c) 

Figure 6. FESEM images of the cross-section (a), the further amplified cross-section (b) and the SiO2

microspheres (c) of the PVDF/SiO2@Ag membrane: MB-Ag-1.

Figure 7. X-ray analysis (EDX) of the PVDF/SiO2@Ag membrane: MB-Ag-1.

Table 1. Structures and compositions of various composite membranes.

Sample
Average pore size

(nm)
Porosity (%)

Ag loading
(μg/cm2)

Contact angle (◦)

PVDF/SiO2 120.0 ± 4 70.1 0 83.5
MB-Ag-1 125.0 ± 6 71.2 59.960 81.5
MB-Ag-2 125.0 ± 3 71.2 16.789 80.8
MB-Ag-3 125.0 ± 5 71.2 5.321 80.2
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The porosity, average pore size, and water contact angle of various membranes are also shown in
Table 1. As can be seen, the incorporation of Ag NPs hardly changes the porosity, pore size, and water
contact angle of the PVDF/SiO2@Ag composite membrane.

3.4. Catalytic Property

3.4.1. Catalytic Kinetics

Reduction of p-nitrophenol is catalyzed by the PVDF/SiO2@Ag composite membrane. The process
is monitored by continuously recording the UV-Vis absorption spectrum of the feed solution, and the
result is shown in Figure 8. It can be seen that a strong absorption peak at 400 nm appears at first.
This is because of the formation of p-nitrophenol ions in an alkaline condition [2,8,11]. The peak
at 400 nm will remain unaltered in the absence of any catalyst [11,13,33]. However, when the feed
solution circularly flows through the composite membrane, the peak at 400 nm gradually decreases
with time. At the same time, the feed solution fades from the pale yellow color and ultimately
becomes colorless. In this process, a new peak appears at 310 nm, which is ascribed to the absorption
of the product of p-aminophenol [2,33]. The peak strength weakly increases with time, suggesting
that p-nitrophenol is gradually converted to p-aminophenol. In the UV-Vis absorption spectrum,
two isosbestic points are always seen at 280 and 314 nm, indicating that only p-aminophenol is formed
during this reaction [2,8,11,13]. The reaction rapidly finishes at a short time of about 14.0 min due to
large quantities of reactants accessing Ag NPs at unit time under the cross-flow model.

 

Figure 8. Change of UV-Vis absorption of the feed solution. Membrane: MB-Ag-1.

The composite membrane belongs to a heterogeneous catalyst [14–16,18,34]. It is well-known that
the heterogeneous catalytic reaction model follows the Langmuir-Hinshelwood model, because the
reaction is based on the adsorption of reactants on the catalyst surface [14–16,18,35]. The conversion of
the reaction can be derived from the Ct/C0, measured by the relative intensity of UV-Vis absorbance at
400 nm. Herein, Ct (mM) is the concentration of p-nitrophenol at the reaction time t and C0 (mM) is
the initial concentration. Since the dose of NaBH4 is greatly excessive (see Section 2.8), the reaction
process can be described by the following first-order kinetic equation [2,9,35].

− ln(
Ct

C0
) = kobst = KSAasρmt (4)

Herein, kobs is the apparent rate constant, reflecting the reaction rate, and KSA, as, and ρm are the
surface area-based rate constant (L·min−1·m−2), the specific surface area of Ag NPs (m2·g−1), and the
mass concentration of Ag NPs (g·L−1), respectively.

The plots of Ct/C0 and −ln(Ct/C0) versus time are shown in Figure 9. It is obvious that Ct/C0

decreases with an increase of reaction time, revealing that the concentration of p-nitrophenol gradually
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decreases [2,8,10,13,17]. Additionally, the plot of −ln(Ct/C0) versus reaction time yields a good linear
relation in the reaction, indicating that the reaction follows the first-order kinetics [2,12,13,17,18].
The reaction rate constant (KSA = 33.2 L·min−1·m−2) is faster than that (KSA = 27.9 L·min−1·m−2) of the
reaction catalyzed by a composite membrane with Ag NPs coated on the surfaces of poly (methacrylic
acid) (PMAA) microspheres in membrane pores [13]. The different reaction rates are ascribed to the
different composite membrane structures. When Ag NPs are coated on the surfaces of PMAA spheres,
the swelling of PMAA spheres by water could cause a wrap of Ag NPs by polymer chains, leading to a
low reaction rate; in contrast, as Ag NPs are coated on the surfaces of SiO2 spheres, the groups on the
surfaces of SiO2 spheres are so short that they cannot wrap the Ag NPs [9–12]. Thus, the as-prepared
composite membrane exhibits a high reaction rate.

 

Figure 9. Changes of Ct/C0 and ln(Ct/C0) with time. Membrane: MB-Ag-1.

3.4.2. Effect of the Initial Concentration of p-Nitrophenol

Figure 10 shows the kobs of the composite membrane under different p-nitrophenol concentrations.
As can be seen, the kobs decreases with an increase in the initial p-nitrophenol concentration in a
concentration range of 0.036–0.108 mM. In such a concentration range, the increase of p-nitrophenol
causes a slower decrease of Ct/C0 with time, leading to the decline of kobs. However, as the initial
concentration of p-nitrophenol is higher than 0.1 mM (0.144–0.216 mM), the increase of p-nitrophenol
only weakly affects the change of Ct/C0 with time, and thus the kobs tends to a low constant value.
As is well-known, the reaction occurs on the Ag NPs’ surfaces by transferring electrons from NaBH4 to
p-nitrophenol [4,14,35]. Therefore, the synergistic effects of the rate of electron transfer at the metal
surface and the diffusion of p-nitrophenol to the metal surface, together with the rapid diffusion of
p-aminophenol away from the surface, should be responsible for the catalytic rate.

 

Figure 10. Effect of the initial concentration of p-nitrophenol on catalytic rate.
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3.4.3. Effect of Operating Pressure

The catalytic reaction is directly related to the flow rate of reactants controlled by the operating
pressure. Figure 11a shows the effect of the operating pressure on the catalytic reaction. As shown,
when the operating pressure varies from 0.10–0.30 MPa, the kobs increases. Under the present condition,
the water flux linearly increases with an increase in the operating pressure, indicating that the
composite membrane has good compression performance. The kobs increase is due to the flow rate
change resulting from the increase in the operating pressure. As shown in Figure 11a, the water
flux increases with an increase in the operating pressure, leading to the shorter residence time of the
feed solution inside of the membrane. Thus, the feed solution can quickly contact the Ag NPs in the
membrane. At the same time, reaction product can also leave the membrane more rapidly. The two
factors contribute to the increase of the catalytic reaction rate [13,17]. On the other hand, an increase
in operating pressure will cause a decrease in the flow rate of the feed solution (Figure 11b) and an
increase in the residue time of the feed solution on the membrane’s surface. However, the flow rate
of the feed solution on the membrane’s surface is still very large (Figure 11b) and does not affect the
rapid contact of reactants with Ag NPs in the mouths of the membrane pores. Thus, an increase in the
operating pressure is also beneficial to the reaction in this case. Therefore, the catalytic rate shows an
increase as a result of increasing the operating pressure.

  
(a) (b) 

Figure 11. Effect of pressure on the catalytic rate, the water flux (a), and the flow rate (b) for the
p-nitrophenol reduction with the MB-Ag-1 membrane.

3.4.4. Catalytic Activity as a Function of Ag Coating Content

Previous studies have shown that the contents and specific surface areas of noble metals in
catalytic membranes have a great influence on the catalytic reaction [1,2,5,13,17]. In this study, the Ag
coating content is also focused on. Figure 12 shows the reduction of p-nitrophenol with different
composite membranes. A good linear relation of −ln(Ct/C0) versus reaction time is observed in all
reactions, revealing that the reduction of p-nitrophenol catalyzed by Ag NPs follows the first-order
kinetics [2,13,17]. Furthermore, the reduction rate markedly increases with an increase in Ag content,
which is consistent with other noble metal catalysts [2,17]. This is expected, because a greater Ag NP
loading on the membrane results in an increase of the surface area of the catalysts, and thus provides
more accessible active sites for reactants.
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Figure 12. Effect of Ag loading content on catalytic rate.

3.4.5. Temperature Dependence and Activation Energy Calculation

The effect of temperature on the catalytic reduction of p-nitrophenol is shown in Figure 13.
As can be seen from Figure 13a, the plot of −ln(Ct/C0) versus reaction time at different temperatures
presents linear relationships, and the reduction rate increases with increasing temperature.
The specific relationship between the reaction rate constant and temperature can be described by the
Arrhenius equation:

ln(kobs) = ln A0 − Ea

RT
, (5)

where T (K) is the thermodynamic temperature, Ea (kJ/mol) is the apparent activation energy,
A0 (min−1) is the pre-exponential factor, and R is the ideal gas constant. According to the Arrhenius
equation, the activation energy of the reaction could be calculated. Normally, the diffusion-controlled
mechanism and the surface-controlled mechanism in a reaction are expressed with a lower activation
energy (Ea: 8.0–21.0 kJ/mol) and a higher activation energy (Ea > 29.0 kJ/mol), respectively [2].
The activation energy values for different composite membranes are shown in Figure 13c. It is obvious
that the activation energy value (Ea = 40.63 kJ/mol) is largest for the composite membrane with the
lowest Ag content (MB-Ag-3); with an increase in Ag content, the Ea gradually decreases: the value
of Ea is 27.58 kJ/mol (MB-Ag-2) and 19.89 kJ/mol (MB-Ag-1), respectively. Therefore, the reaction
shows the diffusion-controlled mechanism for the composite membrane with a high Ag content and
the surface-controlled mechanism for the composite membrane with a low Ag content.

3.5. Reusability of the Composite Membrane

Figure 14 shows the reusability of the composite membrane for the catalytic reduction of
p-nitrophenol. The kobs almost remains unchanged after reuse for four cycles, and only shows a
slight decrease from the 5th to the 8th cycle, possibly caused by the passivation or the loss of a very
few Ag NPs in the repeated washing process [2,13]. The result suggests that the PVDF/SiO2@Ag
membrane exhibits good stability and an antifouling property. Furthermore, since the general steps for
the dispersion and separation of metal catalysts are omitted, the operations for using and recovering
catalysts are very convenient [2,11].
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Figure 13. Reactions at different temperatures ((a), MB-Ag-1 membrane), Ea ((b), MB-Ag-1 membrane),
Ea ((c), various membranes). RT: room temperature.

 

Figure 14. Reusability of the membrane: MB-Ag-1.

3.6. Separation of Products from Reactants

Under the cross-flow model, the feed solution passing through the composite membrane includes
the retentate on the membrane’s surface and the permeate in the membrane’s pores. Therefore,
the reactant’s conversion comes from the retentate and the permeate, respectively. As the pressure
increases, the conversion of reactant from the permeate decreases slightly, while the conversion rate
of reactant from the retentate increases (Figure 15). The conversion of reactant is closely related to
flow rate (Figure 11b). The fast flow rate of the reactant in the retentate and the few Ag NPs on the
membrane’s surface make the reactant to be rarely reduced (lower than 3.0%). On the contrary, the slow
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flow rate of the reactant in the permeate and the abundant Ag NPs in the membrane pores make the
reactant be reduced completely (more than 97.5%). Thus, it is possible to directly obtain a high-purity
product by collecting the fluid of the permeate [13,17]. Therefore, the separation of the product from
the reactant is achieved without the need for additional operating costs and energy consumption.

 

Figure 15. Conversion versus operating pressure in the reduction of p-nitrophenol membrane: MB-Ag-1.

4. Conclusions

This study reported a novel composite membrane with a SiO2 microsphere-free porous surface
and inner pores with immobilized SiO2 microspheres decorated by Ag NPs. The composite membrane
was used for the catalytic reduction of p-nitrophenol under a cross-flow operating model. It was
surprising to find that very high conversion was obtained from the permeate while only very low
conversion was obtained from the retentate. The high conversion corresponded to the enriched Ag
NPs in the membrane pore, which provides an abundance of reactive sites for reactants, while the low
conversion was related to the lack of catalysts on the membrane’s surface. Thus, the products can be
separated from the reactants flowing on the membrane’s surface and directly obtained by collecting the
fluid of the permeate by using the as-prepared composite membrane. The reaction obeys the first-order
kinetics and the rate increases with an increase in temperature, Ag NPs content, and operating pressure.
In addition, the composite membrane can be conveniently used and is very stable and therefore can
hopefully be used in a wide range of applications.
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Abstract: The development of a green and facile strategy for synthesizing high stable gold
nanoparticles (AuNPs) is still highly challenging. Additionally, the main problems regarding
AuNPs based colorimetric sensors are their poor selectivity and low sensitivity, as well
their tendency to aggregate during their synthesis and sensing process. Herein, we present
an in-situ reduction strategy to synthesize thermoresponsive hyperbranched polymer (i.e.,
Hyperbranched polyethylenimine-terminal isobutyramide (HPEI-IBAm)) functionalized AuNPs.
The HPEI-IBAm-AuNPs show excellent thermal stability up to 200 ◦C, high tolerance of a wide
range of pH value (3–13), and high salt resistance. HPEI-IBAm acted as the template, the reducing
agent, and the stabilizing agent for the preparation of AuNPs. The HPEI-IBAm-AuNPs can be used
as colorimetric sensors for the detection of Ag+. In the detecting process, HPEI-IBAm serves as a
trigger agent to cause an unusual color change from red to brown. This new non-aggregation-based
colorimetric sensor showed high stability (maintaining the color lasting without fading), high
selectivity, and high sensitivity with an extremely low detection limit of 7.22 nM and a good linear
relationship in a wide concentration range of 0–2.0 mM (R2 = 0.9921). Significantly, based on the
thermoresponsive property of the HPEI-IBAm, the AuNPs/Ag composites can be separated after
sensing detection, which can avoid secondary pollutions. Therefore, the green preparation and
the applications of the unusual colorimetric sensor truly embody the concepts of energy saving,
environmental protection, and sustainable development.

Keywords: thermoresponsive hyperbranched polymer; gold nanoparticles; in-situ synthesis;
colorimetric sensor; silver ions

1. Introduction

The phenomenal optical and chemical properties of gold nanoparticles (AuNPs) have drawn
considerable attention for applications in the fields of chemical sensing [1,2], biomedicine [3,4],
catalysis [5,6], and so on. In recent years, AuNPs are the most widely studied colorimetric sensors
of Ag+ detection due to their high extinction coefficients and sensitive surface plasmon resonance
(SPR) sensing characteristics in the visible region [7–10]. Many methods using citrate reduction [11],
hydrazine reduction [12], sodium borohydride reduction [13], and solvent extraction reduction [14]
have been developed to prepare AuNPs. However, these small-molecule reducing agents are all highly
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toxic or unsafe. Therefore, the use of green reducing agents can reduce waste and increase the safety of
the sample preparation procedure.

As we all know, AuNPs can be used as colorimetric sensors of Ag+ detection based on the
color changes between red and blue (or purple) in the dispersion and aggregation of AuNPs [8,9,15],
respectively. In the sensing system, AuNPs aggregation triggered only by interactions with a particular
target is expected, which can greatly improve the specificity and selectivity of the colorimetric sensor.
However, AuNPs prepared by traditional small-molecule reduction methods easily aggregate under
the conditions of strong acid, solid state, or excess ion concentrations [16,17], which can interfere
with the Ag+ detection. Therefore, the stability of AuNPs is a major obstacle to practical applications.
The design and preparation of AuNPs, which are stable over a broad range of conditions during
storage and utilization, are meaningful and very essential.

Due to the limitations and disadvantages of small-molecule reducing agents, the utilization of
hyperbranched polymers as multidentate ligands is an effective approach for preparing high stable
AuNPs, because hyperbranched polymers have high steric hindrances and a great number of functional
groups [18]. Hyperbranched polyethylenimine (HPEI) and its derivatives as typical hyperbranched
polymers having a large amount of amino groups, and a specific spheroid-like shape can stabilize
the AuNPs [7,10]. Meanwhile, we all know that the amino groups have good reducibility. Therefore,
can HPEI derivatives be used as reductants to prepare AuNPs? If achieved, the green preparation
of stabilized AuNPs by in-situ reduction of HAuCl4 solution using HPEI derivatives as templates,
reducing agents, and stabilizers without the additional step of introducing a toxic reducing agent
will be significant. Moreover, it has been reported that the functionalized AuNPs can be used as
colorimetric sensors to detect Ag+ based on the reduction of Ag+ by small-molecule reductant such as
citrate, ascorbic acid, etc, to form Ag0, which was deposited onto the surface of AuNPs with a color
change [7,9,10]. Inspired by the above redox-modulated sensing mechanism, we want to use HPEI
derivatives that existed in the AuNPs solution to replace these small-molecule reducing agents, which
can simplify the detection process and avoid the use of some toxic reducing agents.

Thermoresponsive polymers-AuNPs composites have attracted much interest from both
fundamental and applied research due to their sensitive response to external stimuli, such as
temperature, pH, or salts [19,20]. Additionally, the composites can be used as colorimetric
sensors for detecting the variation of external stimuli based on the thermo sensitive characters
of polymers. Recently, we have reported that HPEI with terminal isobutyramide (IBAm) groups
(HPEI-IBAm) showed better thermosensitivity than traditional thermoresponsive linear polymers [21].
However, whether and how we can utilize them as separation materials for enriching or separating
AuNPs/analyte composites have not been studied systematically. As we all know, some sensor-Ag+

assemblies are difficult to be separated from the sensing system, which can cause seriously secondary
pollutions. Therefore, we propose a novel colorimetric sensor based on thermoresponsive HPEI-IBAm
that can not only detect Ag+ but also achieve the separation of sensor/Ag composites, which provides
new ideas for the future design and research of environment-friendly multifunctional AuNPs.

Herein, we report that a kind of hyperbranched polymer, i.e., thermoresponsive HPEI-IBAm, can
facilely induce the HAuCl4 precursor to spontaneously form well-stabilized AuNPs via a thermal
process without the additional step of introducing a reducing agents. Compared with the AuNPs
prepared by classical small-molecule reduction as colorimetric sensors of Ag+, this strategy had
several advantages: (1) Thermoresponsive HPEI-IBAm not only serves as a green reductant and
excellent stabilizer to prepare AuNPs via in-situ reduction, but it also serves as a trigger agent to
induce an obvious color change due to the reduction of Ag+ to Ag0 deposited onto the surface
of AuNPs, as well as serving as a separating agent to enrich and separate sensor/Ag composites;
(2) HPEI-IBAm/AuNPs can realize the integration of the preparation, detection, and separation
application, which serves the aims of energy saving, environmental protection, and sustainable
development, and provides a basis to further develop multifunctional nano-composites; (3) In-situ
formation of AuNPs by HPEI-IBAm with a large number of amino groups and high steric hindrances
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can greatly improve the stability of AuNPs (even under the conditions of high temperature, acid
medium, solid state, and excess ion concentrations), which can avoid the interferences from an acid
medium, excess ion concentrations, and so on to improve the selectivity of Ag+ detection; (4) The
color change of AuNPs sensor from red to brown is more sensitive and selective than that from
red to purple or blue (the color change from red to brown is unique and can easily be observed by
naked eyes), and therefore this colorimetric sensor exhibits high sensitivity and excellent selectivity
toward Ag+; (5) The thermoresponsive HPEI-IBAm can separate AuNPs/Ag after the detection
application by a simple precipitation or centrifugation process, which can avoid secondary pollutions.
To the best of our knowledge, this is the first report to prepare AuNPs, detect Ag+, and separate
AuNPs/analyte composites simultaneously without the additional step of introducing a reductant and
without secondary pollutions. This environment-friendly multifunctional colorimetric sensor really
embodies energy saving, environment protection, and sustainable development.

2. Materials and Methods

2.1. Materials

Hyperbranched polyethylenimine (HPEI) with a number-average molecular weight of 104 g/mol
was purchased from Aldrich and dried in a vacuum oven at 40 ◦C for 12 h prior to use. AgNO3

and all other chemicals were analytical grade and purchased from Shanghai Sinopharm Chemical
Reagent Corporation.

2.2. Characterization

1H NMR spectra of the HPEI-IBAm were obtained on a Varian INOVA 500MHz spectrometer.
Ultraviolet-visible (UV-vis) absorption spectra were performed using a T6 UV/Vis Spectrophotometer
(Purkinje General, Beijing, China). Transmission electron microscopy (TEM) analysis was performed on
a Philips (Amsterdam, Netherlands) TECNAI G2 F20 operating at 200 kV. The size of the nanoparticles
was measured by dynamic light scattering on a Malvern Instruments (Malvern, UK) Zetasizer
Nano-ZS90 at 25 ◦C. The concentration of Ag+ was determined by an Inductively Coupled Plasma
spectrometer (ICP-9000, Shimadzu, Kyoto, Japan).

2.3. Synthesis of Thermoresponsive HPEI-IBAm

The HPEI-IBAm is prepared using a simple amidation reaction between the amino groups of
HPEI and isobutyric anhydride [22,23]. Under the atmosphere of nitrogen, 4.0 g isobutyric anhydride
(0.025 mol) is added to 15 mL chloroform solution containing 2.0 g HPEI and 2.87 g triethylamine
(0.028 mol). After stirring for 3 h at room temperature, the mixture is maintained at 65 ◦C for 24 h.
The residues were obtained by vacuum distillation from reaction liquid, and their purification were
carried out by dialysis against methanol using a benzoylated cellulose membrane with a molecular
weight cut off 1000 for 3 days.

2.4. In-Situ Preparation of HPEI-IBAm Functionalized AuNPs

Five samples 1–5 were prepared as follows: briefly, 9 mL of HAuCl4 (0.29 mM) was added into
6 mL of appropriate concentration of HPEI-IBAm aqueous solution (0.5, 1, 3, 9, and 18 mg/L) with
initial molar ratio 0.06:1, 0.12:1, 0.36:1, 1.04:1, and 2.08:1 of HPEI-IBAm to gold (corresponding to
samples 1–5, respectively). The reaction was carried out in a nitrogen atmosphere under continuous
mechanical stirring at 80 ◦C for 20 min. The mixture was changed from pale yellow to wine red or
pink, indicating the formation of HPEI-IBAm functionalized AuNPs.

2.5. Preparation of Citrate-Capped AuNPs

For the purpose of comparison, citrate-capped AuNPs were also synthesized according to the
previous publications. Briefly, 5.0 mL of HAuCl4 solution (5.34 mM) was added to 135 mL of Milli-Q
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water in a three-necked flask, heated up to reflux. Then, 10 mL of sodium citrate solution (0.9%)
was added to the boiling solution while stirring vigorously. After continuous boiling for 15 min,
the reaction mixture was cooled to ambient temperature. The concentration of the AuNPs was
estimated by Lambert-Beer’s law (the extinction coefficient of ca. 13 nm AuNPs is 2.7×108 M−1·cm−1

at 520 nm) [10,24].

2.6. Stability Testing of HPEI-IBAm Functionalized AuNPs

2.6.1. Thermal Stability Testing

For thermal stability testing, 4.8 mL of HPEI-IBAm functionalized AuNPs solution was dried
into powder state in an oven at a given temperature. Three temperature levels of 110, 140, and
200 ◦C were applied to thermal stability tests. After drying, 4.8 mL of Milli-Q water was added to
redisperse the HPEI-IBAm functionalized AuNPs solid powder for the DLS and UV-vis measurements.
The previous drying and dissolving process was repeated to test the thermal stability of the HPEI-IBAm
functionalized AuNPs. By contrast, the stability of citrate-capped AuNPs was also tested according to
the same steps.

2.6.2. pH Stability Testing

For pH stability testing, 13 samples of 4.8 mL of HPEI-IBAm functionalized AuNPs or
citrate-capped AuNPs solution were adjusted to different pH (range from 1.0 to 13.0). Then, the stability
of HPEI-IBAm functionalized AuNPs and citrate-capped AuNPs solution under different pH can
be evaluated by UV-Vis spectrometry, because the aggregation or dispersion of AuNPs is closely
associated with the change of UV-Vis characteristic absorption spectrum. The UV-Vis absorption
spectra of the AuNPs solution were recorded, respectively, after placing at room temperature for 1 and
7 days.

2.6.3. The Salt Tolerance Testing

10 samples of 4.8 mL of HPEI-IBAm functionalized AuNPs and citrate-capped AuNPs solution
with mass concentration of NaCl from 0 to 12.5 g/L were used to evaluate the stability of the AuNPs
solution for salt tolerance. The change in solution color and UV-Vis absorption spectra of two AuNPs
systems were recorded to compare their difference in the salt tolerance and tolerant stability.

2.7. Colorimetric Sensing of Ag+

The colorimetric sensing of Ag+ was performed as follows. 0.9 mL of HPEI-IBAm solution
(6.0 g/L) was added to the mixture of HPEI-IBAm functionalized AuNPs (3.0 mL) and Ag+ (0.9
mL) at different concentrations (5.73 to 2 mM). After equilibrating at boiling temperature for 2 min,
the color change and absorption spectra of the solution were recorded by a digital camera and a UV-vis
spectrophotometer, respectively. All detecting experiments were performed in triplicate.

3. Results

3.1. Synthesis and Characterization of HPEI-IBAm

The thermoresponsive HPEI-IBAm was prepared according to the route in Scheme 1. Compared
with HPEI, the HPEI-IBAm polymer possessed amide groups that were characterized by 1H NMR
(Figure S1) and FT-IR (Figure S2). As shown in Figure S1A, HPEI-IBAm exhibits a new signal located
at 1.04 ppm that comes from the methyl protons of theisobutyramide groups (a′ in Figure S1A,
–NH–CO–CH–(CH3)2, along with the disappearance of –NH2 and NH peaks at 1.4–1.8 ppm (a and b
in Figure S1B) of HPEI reactant. Meanwhile, the substitution degree of the amine groups of HPEI is
about 83.1% calculated from the integral of the NMR data [22], which indicates that the HPEI-IBAm
has not only a large number of isobutyramide groups (giving HPEI-IBAm thermosensitive character)

83



Polymers 2018, 10, 42

but also many unreacted amine groups (having reducing capacity). The successful synthesis of
HPEI-IBAm was further confirmed according to the change of FTIR spectra of HPEI and HPEI-IBAm.
In comparison to HPEI, HPEI-IBAm exhibits new bands at around 1633 and 2960 cm−1 corresponding
to the characteristic C=O stretching vibrations of the –CONH– groups and –CH3 stretching vibrations
of the –COCH(CH3)2, respectively. These characterization results indicate that the HPEI-IBAm is
successfully prepared by the reaction of HPEI and isobutyric anhydride.
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Scheme 1. Preparation of thermoresponsive HPEI-IBAm, HPEI-IBAm-AuNPs; the sensing and
separating mechanism of HPEI-IBAm-AuNPs toward Ag+.

3.2. In-Situ Preparation of HPEI-IBAm Functionalized AuNPs

To improve the stability of AuNPs and avoid the limitations and disadvantages of small-molecule
reducing agents, the stabilization of AuNPs by polymers as multidentate ligands is one of the most
important and effective methods. Over the last few decades, there has been growing interest in
using dendritic polymers (especially dendrimers with perfect structure and hyperbranched polymers)
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as stabilizers or templates to prepare functionalized AuNPs. For example, entrapped dendrimers
or stabilized AuNPs can be prepared by the reduction of Au3+ inside the dendrimer core [25–29].
However, these AuNPs are very small in size (<5–9 nm in diameter) and difficult to visualize (especially
at low concentration) and characterize (since they have no characteristic UV-Vis absorption), and are
not applicable to colorimetric detection. The hyperbranched polymer with imperfect structure can
prepare large-sized AuNPs due to its relatively weak steric repulsion compared to dendrimers [18].

We used a hyperbranched polymer derivative, i.e., thermoresponsive HPEI-IBAm, as reducing
agent to prepare HPEI-IBAm functionalized AuNPs (Scheme 1). In the preparation process,
no additional reducing agents were added. The formation of AuNPs depends on the amount of
added HPEI-IBAm, because Au3+ can be reduced by the unreacted amine groups of HPEI-IBAm.
As shown in Figure 1, the color and the maximum UV-vis absorption wavelength of AuNPs solution
changed from purple red to red and shifted toward short wavelength (532 to 519 nm), respectively,
as the increasing of HPEI-IBAm concentration in the experimental range (0.5 to 18 g/L). When the
concentration of HPEI-IBAm was more than 3 g/L, the color and the maximum UV absorption
wavelength of AuNPs solution did not significantly change, because all of the Au3+ had been reduced
completely. Therefore, the concentration of HPEI-IBAm was fixed at 3 g/L (i.e., the initial molar ratio
0.36:1 of HPEI-IBAm to gold) for the preparation of HPEI-IBAm functionalized AuNPs.

Figure 1. Effect of the concentration of HPEI-IBAm on synthesis of AuNPs: (A) the color and (B) the
UV-Visible spectra.
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As shown in Figure 2A, when the preparation temperature was set at 20, 40, 60, 80, and 100 ◦C,
respectively, the products were purple (at 20 ◦C), purple red (at 40 ◦C) and red (above 60 ◦C).
The AuNPs being purple or purple red are usually unstable and tend to aggregate, resulting in
increased particle size and a shift to long wavelength of UV-vis absorption peak. It can be seen from
Figure 2B,C that the maximum UV-Vis absorption wavelength and the particle size of AuNPs did
not significantly change when the in-situ preparation temperature was higher than 80 ◦C. Therefore,
we select 80 ◦C to prepare the HPEI-IBAm functionalized AuNPs.

Figure 2. (A) Photographs, (B) UV-Visible spectra, and (C) DLS diagram of HPEI-IBAm functionalized
AuNPs when the preparation temperature increased from 20 to 100 ◦C.

3.3. Stability of HPEI-IBAm Functionalized AuNPs

As we all know, noble metal nanoparticles are prone to aggregate due to the influence of Van der
Waals force, temperature, pH, and other factors, reducing the stability of NPs, which is also a very
challenging problem for all NPs in preparation and application [16]. In our present study, HPEI-IBAm
functionalized AuNPs that have a special topology structure, where one gold NP is surrounded with
multiple HPEI-IBAm molecules, are prepared by in-situ reaction of HAuCl4 in HPEI-IBAm solution to
improve their stability.

As shown in Figure 3 and Figure S3–S6, the HPEI-IBAm functionalized AuNPs showed higher
thermal stability than citrate-capped AuNPs. After 10 times of evaporation at 110 or 130 ◦C and
re-dispersion (Figure 3A and Figure S4A), a little red shift (Figure 3B) was shown in the UV-Visible
spectra of the HPEI-IBAm functionalized AuNPs. The HPEI-IBAm functionalized AuNPs are stable
even at 200 ◦C after 3 times of drying and re-dispersion as shown in Figure S6. Although the color
of the HPEI-IBAm functionalized AuNPs solution changed from red to reddish brown (which was
perhaps due to the partial oxidation of the amine groups of HPEI-IBAm) after 4 times of drying and
re-dissolution, no aggregation or precipitation was observed. However, the citrate-capped AuNPs
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showed obvious red shift (Figure 3C) and changed from red to blue (Figure 3A) after 1 time of
evaporation at 110–200 ◦C and re-dispersion, indicating that the citrate-capped AuNPs are extremely
unstable when they exist in solid form. Compared with the citrate-capped AuNPs, it can be seen that
the HPEI-IBAm by means of its large steric hindrance effect and multi-site protection can significantly
improve the thermal stability of AuNPs prepared by in-situ reduction reaction.

 

Figure 3. (A) Photographs of (a) the HPEI-IBAm functionalized AuNPs and (b) citrate-capped AuNPs
after every evaporation at 130 ◦C and re-dispersion in Milli-Q water; (B) the maximum absorption
peaks of the HPEI-IBAm functionalized AuNPs after each cycle’s re-dispersion; (C) the UV-Vis spectra
of the citrate-capped AuNPs after each cycle’s re-dispersion.

It is well known that the pH of the different tested system may vary from acid to alkaline.
Therefore, it is extremely important for the probe to remain stable in the widest possible range
of pH. To demonstrate their potential applications in sensing, the pH stability of the HPEI-IBAm
functionalized AuNPs and the citrate-capped AuNPs was also evaluated here. The HPEI-IBAm
functionalized AuNPs can be stable after adjusting the pH 1–13 for 1 h (Figure 4A), and the
citrate-capped AuNPs have shown a pronounced red shift after 1 h under the pH 1–2 (Figure 4D). After
24 h, the HPEI-IBAm functionalized AuNPs have a slight red shift only at pH = 1 (Figure 4B). However,
the citrate-capped AuNPs have obvious red shift or precipitation at pH range of 1–5 (Figure 4E). After
5 d, the HPEI-IBAm functionalized AuNPs remain stable except for pH 1–2 (Figure 4C), which is mainly
because HPEI-IBAm with a large number of amine groups can react with acid. The citrate-capped
AuNPs not only precipitated completely at pH range of 1–5, but also decreased their absorption peak
intensity at pH = 12 due to the influence of relatively high salt concentration (Figure 4F). Therefore,
the HPEI-IBAm functionalized AuNPs have a wider range of acid-base usage than citrate-capped
AuNPs, which is more conducive to the practical application of colorimetric detection.
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Figure 4. The UV-Vis spectra of the HPEI-IBAm functionalized AuNPs after (A) 1 h; (B) 24 h and
(C, Inset shows the color of the HPEI-IBAm functionalized AuNPs) 5 d under different pH value;
the UV-Vis spectra of the citrate-capped AuNPs after (D) 1 h; (E) 24 h; and (F, Inset shows the color of
the citrate-capped AuNPs) 5 d under different pH value.

Besides the influence of temperature and pH on the stability of AuNPs, the salinity is also an
important factor affecting the stability of AuNPs. If the effect of salt causes the aggregation and
the color change of AuNPs, it will interfere with their colorimetric detection. Therefore, the AuNPs
used for colorimetric detection require good salt tolerance. The salt tolerance of the HPEI-IBAm
functionalized AuNPs, and the citrate-capped AuNPs was systematically studied. Experimental
results demonstrate that no obvious changes in color (Figure 5A,B) and UV-Vis spectra (Figure 5C
and Figure S7) before and after 24 h under different salt concentrations are observed for HPEI-IBAm
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functionalized AuNPs, indicating that the HPEI-IBAm functionalized AuNPs are very stable against
the variation of salinity. However, the citrate-capped AuNPs have obvious red shift (Figure 5D) in
UV-Vis spectra, and the A650 values of the absorbance at 650 nm increase from 0.067 to 0.509 (Inset
Figure of Figure 5D) with the increase of salt concentration, indicating that the citrate-capped AuNPs
have aggregated and are unstable to salt. Meanwhile, the color of the citrate-capped AuNPs solution
also changed from red to purple or blue (Figure 5E) and became lighter after 24 h (Figure 5F) due to
the aggregation and precipitation of AuNPs with the decrease of the A650 values (Figure S8) relative to
Figure 5D. The contrastive study proves that the HPEI-IBAm plays an important role in stabilizing
the AuNPs.

 

Figure 5. Photographs of the HPEI-IBAm functionalized AuNPs (A) before and (B) after 24 h under
different salt concentrations; the UV-Vis spectra (C) of the HPEI-IBAm functionalized AuNPs after
24 h under different salt concentrations (Inset shows the A520 value of the absorbance at 520 nm
versus the concentration of NaCl); the UV-Vis spectra (D) of the citrate-capped AuNPs under different
salt concentrations (inset shows the A650 value of the absorbance at 650 nm versus the concentration
of NaCl); photographs of the citrate-capped AuNPs (E) before and (F) after 24 h under different
salt concentrations.

The above experiments show that the HPEI-IBAm functionalized AuNPs prepared by in-situ
reaction have higher stability to temperature, pH, and salinity, which would greatly broaden their
fields of application.

3.4. Colorimetric Sensing of Ag+

The mechanisms of the conventional AuNPs-based colorimetric sensors for the detection of Ag+ are
mostly based on the aggregation of AuNPs with a red-to-blue or red-to-purple color change [9,15,30,31].
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In our experiments, the citrate-capped AuNPs have slight (Figure 6B-b) and obvious (Figure S9B-c)
red shift in UV-Vis spectra with a red (Figure 6A-a) to purple (Figure 6A-b) to blue (Figure S9A-c)
color change after the addition of Ag+ for 1 and 24 h, respectively. However, many factors, such as
strong acid environment, high temperature, high salt, and so on, can also induce the aggregation of
AuNPs with a red to blue (or purple) color change, which will interfere with the detection of Ag+

and reduce the selectivity of colorimetric sensor. Therefore, developing a colorimetric sensor for
Ag+ detection based on the non-aggregation of AuNPs is of great significance. It has been reported
that the citrate-capped AuNPs can be used as a colorimetric sensor for Ag+ detection based on the
reduction of Ag+ by small-molecule reducing agents such as citrate, ascorbic acid, etc, to form Ag0

deposited onto the surface of AuNPs [8–10]. Inspired by the redox-modulated sensing mechanism,
we use HPEI-IBAm to replace these small-molecule reducing agents, which can avoid using some toxic
reductants and stabilize the AuNPs/analyte composites to maintain the color lasting without fading.
In this work, after the addition of HPEI-IBAm, the color of the HPEI-IBAm functionalized AuNPs
solution changes from red (Figure 6A-c) to brown (Figure 6A-d) in the presence of Ag+, which can
realize the colorimetric detection of Ag+. The brown color is similar to the color of the Au-Ag core-shell
NPs (with Au as the core and Ag as the shell). Therefore, the sensing mechanism of this colorimetric
sensor can be explained as follows: the reduced Ag0 is directly deposited onto the AuNPs surface,
forming the Au-Ag core-shell NPs because of the high affinity between Au and Ag and leading to a
red to brown color change; meanwhile, the HPEI-IBAm with a high steric hindrance effect can protect
Au-Ag core-shell NPs against aggregation (Scheme 1).

 

Figure 6. Colorimetric response of the sensor: (A) color changes and (B) absorption spectra of (a) 1.2 nM
citrate-capped AuNPs; (b) 1.2 nM citrate-capped AuNPs with 0.573 mM Ag+; (c) 1.2 nM HPEI-IBAm
functionalized AuNPs; (d) 1.2 nM HPEI-IBAm functionalized AuNPswith 0.573 mM Ag+.

From Curve c in Figure 6B, we can see that the surface plasmon resonance peak of the HPEI-IBAm
functionalized AuNPs appears at about 520 nm. The UV-vis spectra of the Au-Ag core-shell NPs (Curve
d in Figure 6B) showed a wide plasmon resonance bands, which was consistent with the other previous
core-shell NPs. Therefore, from the change of the UV-vis absorption spectra, we could reasonably
infer that Ag0 was deposited on the preformed Au core surface, forming the Au-Ag core-shell NPs.
These changes were further confirmed by the TEM images. It can be seen clearly from the TEM images
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(Figure 7B) that most of the Au-Ag NPs had a darker central part (Au core) and a clearer outer part
(Ag shell). Moreover, the HPEI-IBAm stabilized AuNPs and Au-Ag core-shell NPs shown in Figure 7
were all close to uniform dispersion, and no large aggregation was observed. Therefore, the new
non-aggregation-based colorimetric sensor with a unique red-to-brown color change showed higher
stability and anti-interference ability than that based on the aggregation of AuNPs with a red-to-blue
(or purple) color change.

 

 

Figure 7. TEM images of (A) HPEI-IBAm functionalized AuNPs and (B) Au-Ag core-shell NPs (Inset
shows a typical HR-TEM image of Au-Ag core-shell NP).

As is well known, the sensitivity of AuNPs based colorimetric sensor is highly dependent on
the concentration of AuNPs [7,9,10]. Therefore, the effect of the dosage of HPEI-IBAm-AuNPs on the
response of the sensor was examined. According to the sensing mechanism mentioned above, we can
know that Ag0 was directly deposited onto the surface of AuNPs, forming the Au-Ag core-shell NPs
with a red to brown color change. Obviously, the higher concentration of AuNPs, the more Ag0 is
needed to cover the AuNPs and to cause the color change, making the sensor had low sensitivity.
In the presence of Ag+ at a given concentration, the lower concentration of AuNPs, the more Ag0

will be deposited on the surface of each single AuNP, which is more conducive to cause the color
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change and account for the lower detection limit (i.e., the higher sensitivity) but result in narrow linear
range. Moreover, it can be seen from Figure 8 that the red of the sensor itself is not obvious at the
concentration of AuNPs lower than 0.49 nM. When the concentration of AuNPs is higher than 0.49 nM,
there are obvious differences in color (Figure 8A,B) and absorption spectra (Figure 8C,D) before and
after the Ag+ detection, which is beneficial to colorimetric observation. Hence, taking into account
both the sensitivity and the linear range of the colorimetric sensor, the concentration of 0.49 nM was
chosen as the optimal dosage of AuNPs for Ag+ detection in our following experiments.

 

Figure 8. Photographs of HPEI-IBAm-AuNPs with different concentrations in the presence (A) and
absence (B) of 0.573 mM Ag+; UV-vis absorption spectra of HPEI-IBAm-AuNP solution with different
concentrations in the presence (C) and absence (D) of 0.573 mM Ag+.

The detection limit and detection range are the key factors that affect the practicability of
colorimetric sensor. Figure 9 shows the responses of the color change and UV-vis absorption spectra of
0.49 nM HPEI-IBAm-AuNPs solution with different concentrations of Ag+ (0–2 mM). Clearly, the color
of HPEI-IBAm-AuNPs solution gradually changed from red through pale-brown to brown as the
Ag+ concentration increased (Figure 9A), enabling 57.3 μM of Ag+ can be detected by the naked eye
alone. With the increase of Ag+ concentration, the ~520 nm plasmon peak of HPEI-IBAm-AuNPs
gradually blue shifted to 380–450 nm (Figure 9B), which depends on the thickness of Ag shell [10,32].
Here, we can see that the maximum absorption is centered at about 414 nm from Figure 9B. Therefore,
the sensor responses were expressed by the absorption value at 414 nm (that is A414 nm). A good linear
relationship was obtained between A414 nm and Ag+ concentration in the range of 0–2.0 mM, with a
correlation coefficient of R2 = 0.9915 (Figure 9C). Especially, there is still a good linear relationship
when the concentration of Ag+ is as low as 5.73 nM to 5.73 μM with R2 = 0.9957 (Figure S10).
The limit of detection (LOD) for Ag+ was calculated to be 7.22 nM (3σ, which was far below the
guideline value of 0.1 mg/L ≈ 920 nM in drinking water defined by the EPA [33]). To the best of our
knowledge, this non-aggregation based colorimetric sensor is one of the first reports on Ag+ detection
with the widest range of concentration and is one of the most sensitive methods for Ag+ detection,
compared with many other AuNPs-based sensors reported previously (Table S1). Therefore, this new
colorimetric sensor based on the non-aggregation of AuNPs can be applied to the determination of
Ag+ in different environments.
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Figure 9. (A) Photographs and (B) UV-vis absorption spectra of 0.49 nM HPEI-IBAm-AuNPs solution
in the presence of different Ag+ concentration (0–2.0 mM); (C) linear response (A414 nm value of the
absorbance at 414 nm) of the colorimetric assay against the Ag+ concentration range of 0–2.0 mM.

The selectivity of this colorimetric sensor for Ag+ was evaluated by testing the response of the
sensor to other metallic ions including Cd2+, K+, Na+, Pb2+, Ba2+, Sr2+, Cs+, Mg2+, Zn2+, Mn2+, Cu2+,
and Hg2+. As shown in Figure 10, only the HPEI-IBAm-AuNPs solution containing Ag+ ions caused
obvious changes in the color (Figure 10A) and absorption spectra (Figure S11) because of the formation
of Au-Ag core-shell NPs. The selectivity of this colorimetric sensor can be visualized with the naked
eye as shown in Figure 10A. Meanwhile, it can be seen from the UV-Vis absorption spectra (Figure S10)
that the A414 nm value of this colorimetric sensor could be increased significantly to 0.212 upon the
addition of Ag+, and most of the values for other metal ions were only approximately 0.09, except
0.11 of Cu2+ and 0.119 of Hg2+ (Figure 10B), indicating that the sensor showed great selectivity for
Ag+ detection.

 

Figure 10. Selectivity of the sensor: (A) photographs and (B) response (A414 nm) of 0.49 nM
HPEI-IBAm-AuNPs solution in the presence of various metal ions at the concentrations of 57.3 μM.
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3.5. Ag+ Detection and Separation in Drinking Water

To further evaluate the applicability of the proposed colorimetric assay, the detection of Ag+

in drinking water was tested. According to the proposed colorimetric method, no changes in
color and UV-Vis spectra were observed in the drinking water sample, indicating that Ag+ ions
were not found. Then, the drinking water samples were spiked with 60, 90, and 120 μM of Ag+

ions (Table 1 and Figure 11A). The found concentrations based on the linear relationship between
A414 nm (Figure 11E) and Ag+ concentration were 62.1, 88.4, and 126.3 μM with the recoveries of
98.2%–105.3%, indicating that the proposed colorimetric assay can be used for the detection of
Ag+ in real water samples and has high accuracy. The enrichment and separation of silver by the
temperature sensitivity of the HPEI-IBAm were systematically studied. As shown in Figure 11B,
the HPEI-IBAm-AuNPs solutions with 60, 90, and 120 μM of Ag+ became turbid when the ambient
temperature was higher than the cloud point (CP) of the system. To achieve the full precipitation of
HPEI-IBAm-AuNPs/Ag, the water bath temperature was set to 10 degrees higher than the respective
CP of the silver-containing system. Additionally, the HPEI-IBAm-AuNPs/Ag composites can be
separated by static stratification (Figure 11C) or centrifugation (Figure 11D). To determine the enriching
efficiency of HPEI-IBAm-AuNPs toward Ag+, the concentration of residual Ag+ was determined by
Inductively Coupled Plasma spectrometer (Table 1). The enriching efficiency of HPEI-IBAm-AuNPs
toward Ag is very high (96.1%–97.3%), which is mainly due to the high affinity of AuNPs and amine
groups of HPEI-IBAm-AuNPs to silver. All these results suggest that the proposed method based on
the colorimetric response and thermoresponsive property of the HPEI-IBAm-AuNPs may be one of
the most promising approaches for detecting, enriching, and separating silver (Scheme 1).

Table 1. Results of the Ag+ recovery and separation experiments performed in drinking water samples.

Added (μM) Found (μM) Recovery (%) Residual Ag (μM) Enriching efficiency (%)

60 62.1 103.5 1.9 96.8
90 88.4 98.2 3.5 96.1
120 126.3 105.3 3.2 97.3

Figure 11. Cont.
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Figure 11. Colorimetric detection and separation of Ag+ in drinking water: (A) photographs of 0.49
nM HPEI-IBAm-AuNPs solution with (a) 60 μM, (b) 90 μM, and (c) 120 μM of Ag+; (B,C) represent
the changes of 0.49 nM HPEI-IBAm-AuNPs solution with 60, 90, and 120 μM of Ag+ after keeping in
a thermostatted water bath at 50 ◦C (10 degrees higher than CP) for 5 min and 6 h, respectively; (D)
represents the change of 0.49 nM HPEI-IBAm-AuNPs solution with (a) 60 μM, (b) 90 μM, and (c) 120
μM of Ag+ after centrifugation at 50 ◦C; (E) absorption spectra of (B,C).

4. Conclusions

In summary, an in-situ reaction strategy for the preparation of stable AuNPs has been successfully
achieved via a thermal process by using thermoresponsive HPEI-IBAm as templates, reducing
agents, and stabilizers without the additional step of introducing a toxic small-molecule reductant.
The HPEI-IBAm functionalized AuNPs exhibit excellent thermal stability up to 200 ◦C, high tolerance
of a wide range of pH values (3–13), and high salt resistance. Thermoresponsive HPEI-IBAm not
only serves as a green reductant and excellent stabilizer to prepare AuNPs via in-situ formation,
but also serves as a trigger agent to cause an obvious color change of HPEI-IBAm-AuNPs solution
in the presence of Ag+, which can be used for the colorimetric detection of Ag+. This new
non-aggregation-based colorimetric sensor with a unique red-to-brown color change showed high
stability (maintaining the color lasting without fading) and high selectivity. The colorimetric sensor
showed high sensitivity with an extremely low detection limit of 7.22 nM and a good linear relationship
in a wide concentration range of 0–2.0 mM (R2 = 0.9915), which is one of the most sensitive methods for
Ag+ detection and is one of the first reports on Ag+ detection with the widest range of concentration.
Even at low Ag+ concentrations (5.73 nM-5.73 μM), the sensing response still demonstrated high
linearity (R2 = 0.9957). Moreover, this colorimetric sensor was successfully applied to detect Ag+ in
drinking water. After the sensing detection, the AuNPs/Ag composites can be separated by heating
the system above the cloud point of the polymer solution and then by performing static stratification or
centrifugation, which can avoid secondary pollutions. Therefore, the proposed colorimetric sensor can
not only achieve the detection of Ag+ with high sensitivity and high selectivity, but also can effectively
separate and remove Ag+, thereby preventing and controlling its pollution to the environment.
The HPEI-IBAm functionalized AuNPs can truly realize the integration of green preparation, detection,
and separation, which serves the aims of energy saving, environmental protection, and sustainable
development, and provides a basis to further develop multifunctional nano-materials.

Supplementary Materials: The following are available online at www.mdpi.com/2073-4360/10/1/42/s1, Figure
S1: 1H NMR spectra of HPEI-IBAm (A) and HPEI (B), Figure S2: comparison of FTIR spectra of HPEI-IBAm (A)
and HPEI (B), Figure S3: the UV-Vis spectra of the HPEI-IBAm functionalized AuNPs after every evaporation
at 110 ◦C and re-dispersion in Milli-Q water, Figure S4: (A) photographs of (a) the HPEI-IBAm functionalized
AuNPs and (b) citrate-capped AuNPs after every evaporation at 110 ◦C and re-dispersion in Milli-Q water;
(B) the maximum absorption peaks of the HPEI-IBAm functionalized AuNPs after each cycle’s re-dispersion;
(C) the UV-Vis spectra of the citrate-capped AuNPs after each cycle’s re-dispersion, Figure S5: the UV-Vis
spectra of the HPEI-IBAm functionalized AuNPs after every evaporation at 130 ◦C and re-dispersion in Milli-Q
water, Figure S6: (A) photographs of (a) the HPEI-IBAm functionalized AuNPs and (b) citrate-capped AuNPs
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after every evaporation at 200 ◦C and re-dispersion in Milli-Q water; (B) the UV-Vis spectra of the HPEI-IBAm
functionalized AuNPs after each cycle’s re-dispersion; (C) the UV-Vis spectra of the citrate-capped AuNPs after
each cycle’s re-dispersion, Figure S7: the UV-Vis spectra of the HPEI-IBAm functionalized AuNPs under different
salt concentrations, Figure S8: the UV-Vis spectra of the citrate-capped AuNPs after 24 h under different salt
concentrations, Figure S9: (A) photographs and (B) UV-Vis spectra of (a) 1.2 nM citrate-capped AuNPs after (b) 1 h
and (c) 24 h upon the addition of Ag+, Figure S10: Linear response (A414 nm value of the absorbance at 414 nm)
of the colorimetric assay against the Ag+ concentration range of 5.73 nM to 5.73 μM. Figure S11: UV-Vis spectra
of 0.49 nM HPEI-IBAm-AuNPs solution in the presence of various metal ions at the concentrations of 57.3 μM,
Table S1: colorimetric sensors for Ag+ detection.
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Abstract: Adding melamine as additives in food products will lead to many diseases and even death.
However, the present techniques of melamine detection require time-consuming steps, complicated
procedures and expensive analytical apparatus. The fluorescent assay method was facile and highly
sensitive. In this work, a fluorescence resonance energy transfer (FRET) system for melamine detection
was constructed based on conjugated polymer nanoparticles (CPNs) and gold nanoparticles (AuNPs).
The energy transfer efficiency is up to 82.1%, and the system is highly selective and sensitive to
melamine detection with a lower detection limit of 1.7 nmol/L. Moreover, the interaction mechanism
was explored. The results showed that the fluorescence of CPNs were firstly quenched by AuNPs,
and then restored after adding melamine because of reducing FRET between CPNs and AuNPs.
Lastly, the proposed method was carried out for melamine detection in powdered infant formula
with satisfactory results.

Keywords: fluorescent assay; fluorescence resonance energy transfer; conjugated polymer
nanoparticles; gold nanoparticles; melamine

1. Introduction

As we all know, melamine (C3H6N6), an odorless and white heterocycle compound, is widely
used in the manufacturing of plastics, laminates, dyes, fabrics, and fertilizers [1,2]. Moreover, it is often
added as an additive in food products to increase the amount of protein detection due to its high
nitrogen concentration (66% by mass) [3]. However, this will result in kidney stones, urinary system
damage and even death [4]. Melamine is ingested beyond the safety limit of 8 μmol/L for infant
formula in China and 20 μmol/L in the USA and EU [5]. Therefore, it is quite necessary to develop
a cheap, sensitive and reliable method for melamine detection.

Nowadays, many analytical approaches of melamine detection, such as mass
spectroscopy (MS) [6], potentiometric [7], gas chromatography mass spectrometry (GC-MS) [8]
and electrochemical [9] have been applied. But these methods require expensive and complicated
analytical instruments, are time-consuming and require experienced operators, which limit their wide
applications in routine analysis.
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Fluorescence assays based on FRET have attracted much interest due to significant merits
including high sensitivity, simple instruments, operational simplicity and test rapidity, which can
be observed when the space distance between the acceptor and the donor is very close (7~10 nm).
Many quantum dots (QDs) and organic dyes were recognized as efficient FRET-based melamine
donors such as CdTe [10,11], fluorescein [12], rhodamine B [3,13] and so on. However, these materials
suffer from high toxicity, poor stability and photobleaching, which lead to irreproducible fluorescence
signals for further analysis. Recently, several methods have been reported based on gold nanoparticles
(AuNPs) by color changes of the solution to detect melamine [14,15]. Melamine can reduce the stability
of AuNPs and result in their aggregation. Meanwhile, the color of AuNPs solution turned to deep
blue from wine red. This variation can be lightly observed by the naked eye and UV-Vis absorption
measurement [16,17]. Therefore, AuNPs-based colorimetric detection melamine method is rapid and
simple [18]. However, interference substances in milk, which compete with melamine during AuNPs
binding, often result in a false positive response. To solve this problem, AuNPs have been successfully
utilized as the acceptor for the FRET system owing to high extinction coefficients, conductivity,
excellent biocompatibility and size-dependent optical properties [19,20]. In addition, CPNs have
been developed as fluorescence probes for tumor imaging [21,22], neuroinflammation [23,24] and cell
tracking [25]. Compared to organic dyes and traditional QDs, the superiorities of CPNs include easy
preparation, extraordinary fluorescence brightness, low toxicity and good biocompatibility [26,27].
For all we know, the melamine detection based on FRET of CPNs and AuNPs has not been reported.

Herein, an efficient “turn-on” fluorescence sensor for melamine detection was designed based
on melamine-induced reduction of FRET efficiency between AuNPs and CPNs. The key diagram
of our method is displayed in Scheme 1. The fluorescence of CPNs was well quenched when the
CPNs nanoparticles were apt to close the surface of AuNPs. However, the aggregation of AuNPs
via N-Au interaction after adding melamine would reduce the FRET of CPNs-AuNPs and promote
the fluorescence recovery of CPNs. This is because the spectral overlap between the absorption
spectrum of AuNPs and the fluorescence emission spectrum of CPNs will alter after adding melamine,
and decrease the energy transfer efficiency of CPNs-AuNPs. Furthermore, the above technique has
been well used for melamine detection in real milk powder samples.

 

Scheme 1. The mechanism diagram of melamine detection by FRET based on CPNs-AuNPs;
(a) the preparation process of CPNs; (b) the fluorescence of CPNs was quenched by the FRET of
CPNs-AuNPs; (c) the fluorescence of CPNs was restored after adding melamine.
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2. Experimental

2.1. Chemicals and Apparatus

HAuCl4·4H2O and sodium citrate were gained from Shanghai Chemical Reagent Co. (Shanghai,
China). Melamine was obtained from Aladdin Reagent Company (Shanghai, China). L-cysteine,
L-histidine, Vitamin C, Glucose, NaOH, Ca(NO3)2·4H2O, FeCl3·6H2O, KNO3, Na2SO4, MgCl2, NaCl
were purchased from Tianjin Chemical Works (Tianjin, China). All chemical reagents were used
without further purification. The milk powder was obtained from the local supermarket.

Absorption spectra were measured on UV-2500 spectrophotometer (Shimadzu, Shuzhou, China).
Fluorescence measurements were finished with F-7000 FL spectrometer (Hitachi, Tokyo, Japan).
Transmission electron microscopy (TEM) were given on a JEM–2100 transmission electron microscope
(JEOL Ltd., Musashino, Japan). The zeta potentials and size distribution were estimated by dynamic
light scattering (DLS) on a Zetasizer Nano ZS90 (Malvern, Worcestershire, UK).

2.2. Preparation of AuNPs

AuNPs were synthetized via the citrate reduction method described in previous reports [28,29].
Typically, 1 mL aqueous solution of HAuCl4 (1%) and 100 mL ultrapure water were firstly heated
to boiling, and sodium citrate solution (1%, 4 mL) was added quickly. The reaction was further
refluxed for 20 min, and then stored at 4 ◦C. The sizes of AuNPs were measured to be about 24 nm
by DLS (Figure S1a) and TEM (Figure 4A). The molar concentration of AuNPs was calculated to be
approximately 2.96 × 10−9 mol L−1 by Lambert-Beer law using the molar extinction coefficient of
reported AuNPs in the literature (2.7 × 108 mol−1 L cm−1 at 520 nm) [16].

2.3. Preparation of CPNs

The Conjugated polymer TEB (Scheme 1) was synthesized according to our previous method [30].
The Mw and Mw/Mn of TEB was 7032 and 1.174, respectively. The nanoparticles of TEB were carried
out using the procedure described in the literature [31,32]. As shown in Scheme 1a, TEB were fully
dissolved in 10 mL THF to prepare a 20 μg/mL stock solution, and then the solution was rapidly
injected into 20 mL of ultrapure water in a sonication bath. After 15 min, THF was removed by
rotary evaporation and the solution was concentrated to 10 mL, and then filtered through a 0.22 μm
micro-filter. The sizes of CPNs were measured to be about 50.7 nm by DLS (Figure S1c).

2.4. Fluorescence Analysis

Typically, at room temperature, 100 μL CPNs (20 μg/mL) was mixed with as-prepared original
AuNPs with different concentrations and incubated for 10 min. Then the emission spectra of solutions
were measured.

The AuNPs solution was diluted with ultrapure water to 2.37 × 10−9 mol L−1 for further use.
The as-prepared AuNPs solution was mixed with different concentrations (0–2 μmol/L) of melamine
solution, and the mixture liquid was incubated for 15 min at room temperature. Then, 100 μL CPNs
was injected into the above liquid and diluted to 4 μg/mL with PBS (pH = 7). Finally, the above
mixture was in a still state for 10 min before the spectral measurement.

2.5. Pretreatment of Real Samples

Milk powder was firstly processed according to the previous reports [11,33]. Briefly, 2 g of milk
powder was fully dissolved in 5 mL of acetonitrile and 15 mL of 1% (w/v) trichloroacetic acid. Then the
mixed liquid was ultrasonically treated and centrifuged at 10,000 rpm for 15 min. Lastly, the liquid
was filtered by a 0.22 μm filter, and further diluted 25-fold to acquire the testing samples.
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3. Results and Discussion

3.1. Optical Characteristics of AuNPs and CPNs

The AuNPs were prepared by the reported method [34]. The as-prepared AuNPs was negatively
charged with a zeta potential of 8.43 mV (Figure S2a). The absorption and fluorescence emission
spectra of AuNPs and CPNs were measured and shown in Figure 1. A broad overlap from 480 to
600 nm between them was found, which implied that the FRET may occur between CPNs (donor) and
AuNPs (acceptor). Consequently, the fluorescence intensity of CPNs may be evidently quenched or
reduced if CPNs and AuNPs coexist.

 

Figure 1. The absorption spectra of the CPNs (a) and AuNPs (b) and fluorescence emission spectrum
of CPNs (c).

To identify the above hypothesis, the fluorescence intensities of CPNs were investigated with the
increased concentrations of AuNPs (Figure 2). The energy transfer efficiency (E) was measured and
gained by the following equation [34]:

E = 1 − I/I0 (1)

where I and I0 are the fluorescence intensity of the donor (CPNs) after and before the
addition of acceptor (AuNPs), respectively. E obtained the value of 82.1% according to
Equation (1). The fluorescence intensities of CPNs were contravariant to the concentrations
of AuNPs. The fluorescence quenching efficiency of CPNs by AuNPs was measured by the
Stern–Volmer equation [35]:

F0

F
= KSV × CQ + 1 (2)

where F0 and F denoted the fluorescence intensity of CPNs before and after the addition of AuNPs,
respectively. CQ is the concentration of AuNPs. The curve of F0/F to CQ was linearly fitted and shown
in Figure 2b, and the Stern–Volmer equation is described below:

F0

F
= 1.635 CQ + 1

(
R2 = 0.9916

)
(3)

KSV was the quenching constant and gained to be 1.635 × 109 (mol−1 L)−1. This analytical parameter
is better than those in previous reports [36,37].
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Figure 2. (a) Fluorescence emission spectra of CPNs with the increased concentrations of AuNPs;
(b) the linear fitting plot of F0/F values at 520 nm versus AuNPs concentrations from 0 to 2.370 nM,
CPNs: 0.187 μM.

3.2. Interaction of AuNPs-CPNs with Melamine

The color variation and absorption spectra of AuNPs solutions with the increased concentrations
of melamine are shown in Figure 3a,b. The obvious color variations from red to deep blue were found
in the concentrations of melamine from 0.4 to 1.6 μM. The characteristic absorption of AuNPs gradually
decreased at 522 nm and showed slightly red-shifted. Meanwhile, a longer wavelength absorption band
(700 nm) appeared gradually. The possible reason may be that melamine could strongly coordinate
to AuNPs by the amine groups, and finally lead to the aggregation and destabilization of dispersed
AuNPs [38–40]. Meanwhile, the red-shifted absorption of Au NPs declined the spectral overlap
between the emission spectrum from CPNs and the absorption spectrum of AuNPs and reduced E.

 

  

Figure 3. (a) The visual color change of the AuNPs with different concentrations of melamine; they were
marked on the tubes; (b) absorption spectra of CPNs-AuNPs with different concentrations of melamine.
AuNPs: 2.37 nM; (c) a linear relationship (at 522 nm) between A0–A and melamine concentrations;
A0 and A are the absorbance in the absence and presence of melamine, respectively.
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A good linear relationship between the decreased absorbance at 522 nm and the concentrations of
melamine was gained from 0.1–1.5 μmol/L (R2 = 0.9949, Figure 3c). The relative standard deviation
was 0.8% for seven repeated measurements, which illustrated the reliability of the proposed method.
The limit of detection (LOD = 3δ/K, where K represents the slope and δ is the standard deviation) was
measured to be 6.8 nmol/L. This analytical parameter is better than those in previous reports (Table 1).

Table 1. Comparison of different methods for the determination of melamine.

Method LOD (μM) Ref. Recovery (%)

HPLC 0.79 [41] 97.2–101.2
Turn-off fluorescence CdTe quantum dots 0.31 [11] 103–104

CdTe QDs and Rhodamine B 0.01 [35] 99.2–104
FRET/carbon dots and Au nanoparticles 0.036 [5] 90.5–111.4

FRET between CdTe/CdS QDs and AuNPs 0.03 [2] 90.0–101
Au nanoparticles and Melamine 0.0068 This work (1) -

FRET/CPNs and Au nanoparticles 0.0017 This work (2) 95.93–100.8

TEM observations could further confirm the aggregation of dispersed AuNPs owing to the
addition of melamine. From Figure 4A, the original AuNPs were uniform in size and spherical in
shape. After mixing with CPNs, AuNPs were still in a scattered state, indicating that the addition of
CPNs did not affect the dispersity of AuNPs (Figure 4D). However, obvious aggregation of AuNPs
could be found after adding melamine (Figure 4B). The DLS data also indicated the same conclusion
because the average sizes of AuNPs were 24 and 58.8 nm in the absence and presence of melamine
(Figure S1a,b), respectively. The results were fully consistent with the spectral variation in Figure 3.
Hence, the fluorescence intensity of CPNs could be monitored in the AuNPs-CPNs system by FRET,
which afforded a feasible and new strategy for melamine detection. Actually, the addition of melamine
led to the aggregation of AuNPs accompanying color change, which have been used for the visual
sensing for melamine detection in infants and liquid milk [18]. However, these colorimetric techniques
usually displayed lower sensitivity to melamine in comparison with fluorescence analytical methods.
It is greatly hopeful to develop a simple way based on the FRET method with the higher sensitivity
and the lower detection limit, and fluorescence signals can replace the variation of absorption.

 

Figure 4. (A) TEM images of the original AuNPs; (B) TEM images of the AuNPs in the presence of
melamine; (C) TEM images of the CPNs; (D) TEM images of the AuNPs in the presence of CPNs.

103



Polymers 2018, 10, 873

3.3. FRET-Based AuNPs-CPNs Emission Response to Melamine

The FRET system of CPNs-AuNPs would be modulated by the concentrations of melamine,
and the fluorescence intensity of CPNs would change accordingly because melamine congregated the
AuNPs (Scheme 1). The relationship between melamine and the FRET system was further investigated
to validate the competition effect between CPNs and melamine. As displayed in Figure 5, it was proved
that CPNs and melamine did not directly interact because the absorption and fluorescence intensity
of CPNs (curves a and a’ in Figure 5) were identical to the mixture of CPNs and melamine (curves b
and b’ in Figure 5). The characteristic absorption of AuNPs displayed no distinct variation before and
after adding CPNs (curve c and d in Figure 5a), indicating that CPNs and AuNPs were not directly
interacting. In addition, the characteristic absorption of AuNPs-melamine were identical in the absence
or presence of CPNs (curves e and f in Figure 5a), which indicated that the aggregation of AuNPs was
the result of the addition of melamine. The same conclusion could be got by no change for the average
size of AuNPs-melamine before and after adding CPNs (Figure S1b,d). The fluorescence intensity of
CPNs-AuNPs was evidently quenched owing to the FRET (curve c’ in Figure 5b) when CPNs and
AuNPs were mixed together. Nevertheless, the addition of melamine could distinctly recover the
fluorescence of CPNs curve d’ in Figure 5b. In addition, the fluorescence quantum yields (φs) of CPNs
in the absence and presence of AuNPs and melamine have been calculated using a solution containing
coumarin 307 (φ = 0.56, in methanol) standard as the reference according to the equation reported [42].
The values of φs were listed in Table 2. The change of φs was similar to that of fluorescence. With the
addition of AuNPs, φs of CPNs reduced from 0.22 to 0.0050. However, further adding melamine, φs of
CPNs were restored. But no obvious variation was found for φs of CPN in the presence of melamine.

The present technique for melamine detection was further researched under the optimal
conditions. From Figure 6a, the fluorescence emission intensities of AuNPs-CPNs were recovered
gradually with the increased concentrations of melamine. The increased fluorescence intensity and
melamine concentrations had a fine linear relationship from 5 nmol/L to 1.9 μmol/L (R2 = 0.9915,
Figure 6b). The detection limit was calculated to be 1.7 nmol/L. This analytical parameter is very low
in comparison with the reported literatures (Table 1). The relative standard deviation by operating
10 repeated measurements of melamine (1.9 μmol/L) was 1.2%, which illustrated that the fluorescence
response of AuNPs-CPNs toward melamine was highly reproducible.

 
(a) (b) 

Figure 5. (a) Absorption spectra; a: CPNs; b: CPNs and melamine; c: AuNPs; d: AuNPs and
CPNs; e: AuNPs and melamine; f: mixture of CPNs, AuNPs and melamine; (b) fluorescence spectra;
a’: CPNs; b’: CPNs and melamine; c’: AuNPs and CPNs; d’: mixture of CPNs, AuNPs and melamine;
CPNs: 0.187 μM; AuNPs: 2.37 nM; melamine: 0.8 μM.
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Table 2. The fluorescence quantum yields of CPNs under difference conditions.

Components
Concentration (nM)

(CPNs/AuNPs: /Melamine)
φ

CPNs 187/0/0 0.22
CPNs +Au NPs (1) 187/1.184/0 0.022
CPNs +Au NPs (2) 187/2.370/0 0.0050

CPNs + AuNPs + melamine (1) 187/2.370/300 0.0086
CPNs + AuNPs + melamine (2) 187/2370/1200 0.016

CPNs + melamine 187/0/1200 0.22

φ: Fluorescence quantum yield.

  

Figure 6. (a) Fluorescence emission spectra of CPNs-AuNPs nanosensor with different concentrations
of melamine from 0.05 to 19 × 10−7 mol/L. CPNs: 0.187 μM. AuNPs: 2.37 nM; (b) a linear relationship
with respect to the enhanced fluorescence intensities and melamine concentrations.

3.4. Selective Studies and the Application to Real Samples

To evaluate the method used in the specific detection of melamine, the potential interfering
substances in real sample and melamine (2 μmol/L), such as Ca2+, Fe3+, Na+, SO4

2−, Cl−, vitamin C,
cysteine, histidine and glucose, were examined, respectively. From Figure 7a,b, no obvious interferences
were found, which indicated that the AuNPs-CPNs towards melamine detection is highly selective.

  

Figure 7. (a) Selectivity of the CPNs-AuNPs toward melamine; (b) the Bar graph of CPNs-AuNPs
selectivity. The concentrations of interferences and melamine were both 2 μM.

To further prove the present method, the amount of melamine was directly spiked into milk
powder after sample pretreatment, and the melamine-doped milk samples were further handled by
the procedure described in Section 2.4. The analytical results are given in Table 3. The recovered values
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of the three milk powder samples varied from 95.93% to 100.8%. These analytical parameters are better
than those in previous reports (Table 1), which indicated that the proposed method was suitable for
melamine detection in real samples.

Table 3. The application of the proposed method for melamine detection in milk samples spiked with
different concentrations of melamine (n = 3, average value of three determinations).

Sample Amount Added (10−7 M) Amount Founded (10−7 M) Recovery (%) R.S.D. (%)

1 5.2 5.080 97.74 5.0
2 14 13.430 95.93 4.1
3 18 18.144 100.8 2.7

R.S.D.: relative standard deviation.

4. Conclusions

A new and effective FRET based on the system of CPNs-AuNPs was developed for melamine
detection. In the presence of melamine, the FRET between AuNPs and CPNs was gradually inhibited,
resulting in the fluorescence recovery of CPNs. Melamine could be detected with a lower detection
limit of 1.7 nmol/L under the optimum experimental conditions. Moreover, the proposed technique
was used for the detection of melamine in real samples with the satisfactory experimental results.
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Abstract: Temperature is a significant parameter to regulate biological reactions and functions inside
cells. Sensing the intracellular temperature with a competent method is necessary to understand
life science. In this work, an energy-transfer polymeric thermometer was designed for temperature
sensing. The thermometer was prepared from two thermo-responsive polymers with different
lower critical solution temperatures (LCSTs) of 31.1 ◦C and 48.6 ◦C, coupling with blue and
red fluorescent molecules, respectively, developed for ratiometric temperature sensing based on
the Förster resonance energy transfer (FRET) mechanism. The polymers were synthesized from
two monomers, N-isopropylacrylamide (NIPA) and N-isopropylmethacrylamide (NIPmA), which
provided different temperature responses. The fluorescent intensity of each polymer (peaked at
436 and 628 nm, respectively) decreased upon the heating of the polymer aqueous solution. While
these two polymer aqueous solutions were mixed, the fluorescent intensity decrease at 436 nm and
substantial fluorescence enhancement at 628 nm was observed with the increasing temperature due
to FRET effect. The cell imaging of HeLa cells by these thermo-responsive polymers was explored.
The difference of LCSTs resulting in ratiometric fluorescence change would have a potential impact
on the various biomedical applications.

Keywords: N-isopropylacrylamide; N-isopropylmethacrylamide; ratiometric temperature
sensing; FRET

1. Introduction

Temperature is an essential physiological parameter during all biochemical reactions in living cells.
It has a close relationship with cellular functions, such as cell division, gene expression, metabolism,
enzyme reaction, and so on [1,2]. In addition, various abnormal medical phenomena, like cancer cell
growth, are often accompanied by a temperature increase. Owing to these considerable demands,
lots of promising approaches to fluorescent thermometers for cell temperature sensing have been
studied [3]. Recently, many works have been developed for this requirement, including small organic
dyes [4], quantum dots [5,6], polymers [7–11], and gold nanoclusters [12].

Nowadays, stimuli-responsive polymers have received more attentions for their potential
biomedical applications. A variety of stimuli-responsive polymers whose properties change in
response to temperature, pH, ionic strength, light, and chemical stress have been investigated [13–17].
Thermo-responsive polymers have been applied in the fields of sensors, catalyst supports, drug carriers,
and bio-separation [18–20]. Thermo-responsive polymers based on N-isopropylacrylamide (NIPA)
were the most common used in these years. These polymers have a lower critical solution temperature
(LCST) close to human and most animal’s physiological temperature, with good biocompatibility
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and low toxicity [21]. Many fluorophores [11,22,23] have already been introduced into NIPA-based
polymers to visualize the temperature in living cells as fluorescent thermometer.

Fluorescent temperature sensing is usually based on the fluorescence intensity changes at
certain wavelengths instead of fluorescence lifetime owing to its accessibility and prevalence.
However, the fluorescence intensity at a single wavelength can be easily affected. Ratiometric
fluorescent temperature sensing is more and more popular with potential advantages. For the
ratiometric fluorescent temperature sensing based on the fluorescence resonance energy transfer
(FRET) mechanism, multi-color fluorescence of NIPA-based polymer temperature sensors were
reported [24–27]. In these studies, only one thermo-responsive monomer NIPA was used, which
might limit the range of the temperature sensor. When a methyl group is added to NIPA, such as
N-isopropylmethacrylamide (NIPmA), the LCST of the NIPmA-based polymer was higher at around
45 ◦C to 50◦C [28,29]. The introduction of NIPmA to the NIPA-based temperature sensing system is
expected to enlarge the range of the temperature sensing, which should undergo a reversible LCST
phase transition between the temperature range from 25 ◦C to 50◦C. With the increasing of temperature,
the shrink speed of the NIPA-based polymer was faster than the NIPmA-based polymer, leading to the
distance change and FRET change between two polymers as shown in Scheme 1.

To test this hypothesis, we designed a NIPA-based polymer with blue fluorescence molecule
(7-[4-(Trifluoromethyl)coumarin]methacrylamide) and a NIPmA-based polymer with red fluorescence
molecule (BOBPYBX) synthesized by ourselves to form a novel polymeric ratiometric temperature
sensor through FRET by the mixing of these two polymer solutions. We also characterized the effects
of the temperature on their fluorescent behavior and exhibiting good performance both in aqueous
solution and in the temperature imaging of cells.
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Scheme 1. Fabrication of two thermo-responsive fluorescent polymers with diverse LCSTs.

2. Materials and Methods

2.1. Materials

N-isopropylacrylamide (NIPA), N-isopropylmethacrylamide (NIPmA), 7-[4-(trifluoromethyl)
coumarin]methacrylamide (TCMA), 2,2′-azobis(isobutyronitrile) (AIBN), 3-mercaptopropionic
acid (MPA), 2-hydroxyphenyboronic acid, tetrakis(triphenylphosphine)palladium (Pd(PPh3)4),
Phosphorus(V) oxybromide (POBr3) and phosphorus(V) oxychloride (POCl3) were purchased
from Sigma-Aldrich (St. Louis, MO, USA). 1-Isoindolinone, 2,4-dimethyl-3-ethylpyrrole,
4-hydroxyphenylboronic acid, acryloyl chloride, and triethylamine were purchased from Dieckman
(Hong Kong) Chemical Industry Company Ltd. (Hong Kong, China). All other reagents and solvents
were of analytical grade.
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2.2. Synthetic of BOBPYBX

1 as presented in Scheme 2 was synthesized according to previous literatures with modification [30,31].
A solution of POBr3 (20 mmol, 5.73 g) in anhydrous dichloromethane (5 mL) was added dropwise
to Dimethylformamide (DMF) (20 mmol, 1.46 g) in anhydrous dichloromethane (15 mL) at 0 ◦C.
The mixture was stirred for 30 min at room temperature. Then a solution of 1-isoindolinone (10 mmol,
1.33 g) in anhydrous dichloromethane (50 mL) was added to the mixture at 0 ◦C. Subsequently,
the reaction mixture was heated at reflux for 6 h. After cooling, the solvent was removed at reduced
pressure. Ice water was added, and aqueous NaOH (5 M) was added the mixture to a pH of around
8. A black solid precipitated and the mixture was stirred overnight, then 1 (yield was 84.2%) was
collected by filtration.

2 as presented in Scheme 2 and BOBPYOH were synthesized by modifying previous method [32].
To 1 (8.00 mmol, 2 g), to 2-hydroxyphenyboronic acid (17.50 mmol, 2.41 g) and Pd(PPh3)4 (0.25 mmol,
0.29 g) aqueous Na2CO3 (1 M, 20 mL) and dry toluene (50 mL) were added in a Schlenk flask under
nitrogen. This reaction mixture was then degassed via three freeze-pump-thaw cycles before filling
with nitrogen again. The Schlenk flask was heated to 75 ◦C for 24 h. After cooling to room temperature,
the reaction mixture was washed with water (30 mL × 3). Organic layers were combined, dried
over anhydrous Na2SO4, and evaporated under vacuum. The crude product was refluxed for 3 h
in ethanol (120 mL) containing aqueous NaOH (4 M, 20 mL). The solvent was removed in vacuum.
The resultant solid was dissolved in ethyl acetate (100 mL), and neutralized with HCl (3 M). Organic
layers were combined, dried under anhydrous Na2SO4, filtrated, and concentrated under vacuum,
and the residual product was purified by silica gel column chromatography (dichloromethane/ethyl
acetate = 1:1) to afford 2 (yield was 75.8%). POCl3 (5.2 mmol, 0.8 g) was added to a dichloromethane
solution (15 mL) of 2,4-dimethyl-3-ethylpyrrole (10.4 mmol, 1.28 g) at 0 ◦C. Then a solution of 2

(5.2 mmol, 1.23 g) in dichloromethane (25 mL) was added dropwise to the reaction mixture at 0 ◦C.
The reaction mixture was stirred at room temperature for 4 h. To this solution, 4-hydroxyphenylboronic
acid (52 mmol, 7.17 g) was dissolved in THF and added. Then the reaction mixture was stirred for
another 4 h. After evaporation of the solvent, the residual product was purified by silica gel column
chromatography (dichloromethane/n-hexane = 10:1) to give BOBPYOH (yield was 72.3%). NMR
results of BOBPYOH were shown in Figures S1 and S2. 1H NMR (400 MHz, CDCl3) δ = 8.12 (d, J = 8.2,
1H), 7.97 (dd, J = 7.9, 1.5, 1H), 7.88 (d, J = 8.1, 1H), 7.47 (t, J = 7.4, 1H), 7.44–7.38 (m, 2H), 7.34 (d, J = 7.2,
2H), 7.04 (d, J = 8.4, 2H), 7.00–6.94 (m, 1H), 6.54–6.47 (m, 2H), 2.46 (s, 3H), 2.39 (dd, J = 7.6, 1.6, 2H),
2.27 (s, 3H), 1.04 (t, J = 7.6, 3H). 13C NMR (101 MHz, CDCl3) δ = 157.11, 154.20, 150.96, 143.18, 135.34,
133.23, 133.00, 132.90, 132.10, 130.36, 128.77, 128.43, 126.35, 125.65, 125.38, 123.43, 120.13, 119.65, 119.57,
119.08, 115.92, 114.10, 67.99, 25.62, 17.50, 13.07, 9.59.

BOBPYBX was synthesized by modifying hydroxyl group with acryloyl chloride [33]. To a
solution of BOBPYOH (2 mmol, 0.86 g) and triethylamine (3 mmol, 0.3 g) in dichloromethane (20 mL)
acryloyl chloride (20 mmol, 1.8 g) was added slowly and stirred for 0.5 h at 0 ◦C. Then the reaction was
stirred further at room temperature for 12 h. The mixture was treated with water and the organic layer
was separated. The aqueous layer was extracted with dichloromethane and the combined organic layer
was washed with saturated aqueous NH4Cl, brine, and dried over anhydrous Na2SO4. The solvent
was removed by rotary evaporation and the residue was purified by silica gel column chromatography
(dichloromethane/n-hexane = 10:1) to afford BOBPYBX (yield was 35.5%). NMR results of BOBPYBX
were shown in Figures S3 and S4. 1H NMR (400 MHz, CDCl3) δ = 8.12 (d, J = 8.2, 1H), 7.97 (dd, J = 7.9,
1.5, 1H), 7.89 (d, J = 8.1, 1H), 7.48 (t, J = 7.5, 1H), 7.44–7.38 (m, 2H), 7.34 (dd, J = 11.2, 4.0, 1H), 7.28 (d,
J = 0.9, 1H), 7.20 (d, J = 8.4, 2H), 7.02–6.93 (m, 1H), 6.83–6.73 (m, 2H), 6.48 (dd, J = 17.3, 1.4, 1H), 6.22
(dd, J = 17.3, 10.4, 1H), 5.90 (dd, J = 10.4, 1.4, 1H), 2.47 (s, 3H), 2.39 (tt, J = 9.2, 4.5, 2H), 2.27 (s, 3H), 1.05
(t, J = 7.6, 3H). 13C NMR (101 MHz, CDCl3) δ = 164.68, 156.91, 151.01, 149.31, 143.29, 135.33, 133.43,
133.09, 132.66, 132.03, 131.94, 130.46, 128.74, 128.55, 128.24, 126.39, 125.67, 125.47, 123.47, 120.14, 119.86,
119.81, 119.60, 119.07, 115.97, 17.48, 14.84, 13.05, 9.59.
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2.3. Synthesis of Fluorescent Polymers

Two thermo-responsive polymers were named from the monomers, PNB consisted of NIPA
and TCMA, and PNmR was NIPmA and BOBPBYX. PNB was prepared using radical polymerization,
as shown in Scheme 2. NIPA (1.58 g, 14 mmol) and TCMA (4.3 mg, 0.015 mmol) were dissolved in
ethanol (20 mL). AIBN (10 mg, 0.06 mmol) and MPA (50 mg, 0.5 mmol), which act as the radical
initiator and the chain transfer agent to control the molecular weight of the polymers, respectively,
were added to the solution. The reaction mixture was degassed and reacted in a N2 atmosphere at
65 ◦C for 12 h. After the reaction finished, the solvent ethanol was removed by a vacuum dryer and
the product was precipitated by n-hexane and washed with acetone three times. The solid product
was dried under vacuum conditions. The molecular weight of the polymer was determined by gel
permeation chromatography (GPC) analysis. PNmR was prepared from NIPmA and BOBPYBX, which
was synthesized by ourselves as shown in Scheme 2, according to the above procedure.

 

Scheme 2. Synthetic procedure of BOBPYBX.

2.4. Analytical Techniques

GPC was conducted on a Cirrus system (PL-GPC 50, Santa Clara, CA, USA) equipped with a
differential refractive index detector. DMF was used as the eluent with a gel column (300 × 650 mm2)
(at 40 ◦C, the flow rate = 1 mL/min). A Fourier transform infrared spectrometer (FTIR, IRAffinity-1S,
Shimadzu, Japan) was used to determinate the structures of the fluorescent polymers. For each sample,
each spectrum was obtained by 32 scans with the wavenumber ranging from 400 to 4000 cm−1 and
resolution was 4 cm−1.

LCSTs of the polymers were determined by measuring the optical transmittance of their aqueous
solution (0.5% w/v). A sample cell with a 1 cm path length was used to measure the transmittance
using 500 nm over a range of temperatures from 25 to 50 ◦C using a UV−Vis spectrophotometer
(Shimadzu UV-3600 spectrophotometer, Shimadzu, Japan). The temperature at which the transmittance
decreased to half of its initial value was taken as the LCST [34]. Fluorescence spectra (Fluorolg-4
spectrofluorometric) with a temperature controller were performed for the experiments. A quartz
cuvette with a 1 cm path length was used. The maximum excitation wavelengths of the fluorescent
polymers were as follows (0.5% w/v aqueous solution): PNB λex = 340 nm; PNmR λex = 580 nm; PMIX

λex = 340 nm. The effects temperature on the fluorescence intensity of the polymers were evaluated
between 25 and 50 ◦C.
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2.5. Cell Culture

The cervical cancer line HeLa cells were kindly provided by Faculty of Health Sciences, University
of Macau. HeLa cells were incubated in DMED (Dubecco’s Modified Eagle Medium) medium
supplemented with 10% FBS (fetal bovine serum) and 1% penicillin-streptomycin solution. All cells
were maintained at 37 ◦C, in a 5% CO2 humidified environment.

HeLa cells were seeded into glass-bottomed culture dishes and allowed to adhere for 24 h. After
removing the medium, 10 μM polymer solution was added and incubated for 1 h at 37 ◦C. After the
incubation, cells were washed twice by pre-warmed PBS buffer. Fixative solution (Histochoice® Mb
Tissue Fixative, Amresco, Dallas, TX, USA) was added for 15 min at room temperature, then washed
three with PBS buffer. The samples were observed by Carl Zeiss Confocal LSM710 at 25 ◦C or 37 ◦C.

3. Results and Discussion

Two fluorescent polymers were synthesized via radical polymerization. The synthetic scheme
and structures of the polymers are shown in Scheme 3. For these two polymers, NIPA and NIPmA,
were selected as the backbone of the thermo-responsive fluorescent polymers, to ensure the polymers
having enough thermo-responsibility and water-solubility, the NIPA or NIPmA units in polymers
were controlled above 98 mol % and less than 1 mol % of the fluorescent monomers were introduced
into the polymers. 7-[4-(Trifluoromethyl)coumarin]methacrylamide (blue) and newly-synthesized
BOBPYBX (red) were chosen as fluorescent monomers to form the FRET system. The polymers undergo
reversible LCSTs phase transition between the temperature range from 25 ◦C to 50 ◦C, which covers
the physiological temperature of humans and most animals.

 

Scheme 3. Syntheses of fluorescent polymers.

The successful synthesis of fluorescent polymers was confirmed by FT-IR and absorption
measurement as shown in Figure 1. According to the results, the maximum absorption peaks of
PNB and PNmR were 340 nm and 620 nm, respectively. The LCSTs of PNB and PNmR were 31.1 ◦C and
48.6 ◦C, which were as expected. The FTIR spectrum of PNB featured the characteristic absorption
peaks at 3300–3090 cm−1 (secondary amine group), 2980 cm−1 (methyl group), 2900 cm−1 (methylene
group), and 1180–1130 cm−1 (trifluoromethyl group), which are attributable to the two monomers.
This strongly indicates the successful formation of polymer PNB. The FT-IR spectrum of PNmR also
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exhibited the similar result. The fluorescent monomer ratio was so small that did not show very
typical peaks in the FT-IR results, however, the absorption spectrum and fluorescent spectrum proved
the polymerization was successful. The results of number-averaged and weight-averaged molecular
weights were determined by gel permeation chromatography (GPC), as shown in Table 1 and Figures S5
and S6. The oligomeric products were obtained due to the use of chain-transfer agent.
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Figure 1. Characterization of fluorescent polymers. (a) Absorption spectra of the fluorescent polymers;
(b) temperature-dependent for the fluorescent polymers in aqueous solution (500 nm, 0.5% w/v); and
(c) FT-IR results of the fluorescent polymers.

Table 1. GPC results of fluorescent polymers.

Polymers Mn Mw PDI

PNB 5957 7954 1.33121
PNmR 11,144 16,140 1.44831

Mw: weight average molecular weight; Mn: number average molecular weight; PDI: Polymer dispersity index,
PDI = Mw/Mn.

We then investigated the temperature response behavior of the fluorescent polymers.
The temperature-dependent fluorescence spectra and optical transmittance of PNB in aqueous solution
are shown in Figure 2a. The fluorescent intensity of PNB was found to decrease with increasing
of the temperature from 25 ◦C to 50 ◦C, and the polymer PNmR showed the similar phenomenon
as in Figure 2b. As shown in Figure 2d,e, the fluorescent intensity of both PNB and PNmR had the
liner relationship with the temperature from 30 ◦C to 50 ◦C. Hydrate form and swollen state of
the thermo-responsive polymers were driven by their native properties. The fluorescent monomer
displayed higher emission quantum yield in polar media, resulting in the stronger fluorescence
intensity with the increase of the temperature. We could, therefore, conclude that the fluorescent
intensity responses of these polymers were driven by a combination of the properties of both
thermo-responsive monomers and the fluorescent monomers. The LCSTs of PNB and PNmR were
31.1 and 48.6 ◦C, respectively. Due to these results, ratiometric fluorescent temperature sensing
through FRET which is very powerful in analysis and sensing can be achieved by mixing these two
polymers, especially between their two LCSTs. We tried several ratios of mixed PNB and PNmR, and
the final ratio of PNB and PNmR was set as 20:1. The fluorescence response results were indicated in
Figure 2c, a dramatic fluorescence decrease at 436 nm and substantial fluorescence enhancement at
628 nm was observed upon heating. However, the fluorescence enhancement of PNmR was limited
in comparison with the result in Figure 2b. The ratio of fluorescent intensity F628 nm/F436 nm had
liner relationship with temperature between two LCSTs as shown in Figure 2f. With the increasing
of temperature, the shrink speed of PNB was faster than PNmR, leading to the distance change and
FRET change between two polymers. The shrink changes and fluorescence changes of the polymers
to different temperatures could be directly visualized by the naked eye, and the fluorescence was
excited by the light of hand-held UV lamp at 365 nm. For PNB shown in Figure 2g, the polymer
solution became turbid from 25 ◦C to 37 ◦C and 50 ◦C, and the fluorescence were all blue emissions.
In Figure 2h, PNmR solution was clear at 25 ◦C and 37 ◦C, turbid when at 50 ◦C which was above the
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LCST of it and the PNmR solution exhibited dark red emission. PMIX exhibited purple emission at
25 ◦C, pink and bright pink emission at 37 ◦C and 50 ◦C due to FRET effects, as shown in Figure 2i.
In the meantime, the PMIX solution became turbid from 25 ◦C to 37 ◦C and 50 ◦C.
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Figure 2. Fluorescence responses of polymers to temperature from 25 ◦C to 50 ◦C. (a) Fluorescence
spectra of PNB upon temperature 25 ◦C to 50 ◦C; (b) fluorescence spectra of PNmR upon temperature
25 ◦C to 50 ◦C; (c) fluorescence spectra of PMIX upon temperature 25 ◦C to 50 ◦C; (d) Linear correlation
of PNB between the emission intensity at 436 nm and temperature; (e) linear correlation of PNmR

between the emission intensity at 628 nm and temperature; (f) linear correlation of PMIX between
the emission intensity (F628 nm/F436 nm) and temperature; (g–i) naked eye photographs of the
fluorescence change of the polymers PNB, PNmR, and PMIX in aqueous solution (0.5% w/v) at different
temperatures, respectively.

In view of the significance of temperature on the biological events within living cells, fluorescent
images of HeLa cells incubated with polymers were explored. Figure 3a showed blue emission of cells
based on the uptake of PNB and Figure 3b showed a red emission of cells because of the uptake of
PNmR. When the cells were incubated with PMIX, both blue and red emissions were observed as shown
in Figure 3c,d, and the merge picture showed pink emission. Figure 3c had stronger blue emission and
weaker red emission compared with Figure 3d due to the change of observing temperature from 25 ◦C
to 37 ◦C. The results were consistent with previous fluorescent spectrum data.
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Figure 3. Fluorescent images of HeLa cells incubated with different polymers: (a) incubated with PNB;
(b) incubated with PNmR; and (c,d) incubated with PMIX; (a–c) were observed at 25 ◦C and (d) was
observed at 37 ◦C.

4. Conclusions

In summary, two fluorescent polymers, PNB and PNmR, were prepared to form a novel
energy-transfer thermometer for ratiometric temperature sensing. They exhibit different LCSTs
because of the various thermo-responsive monomers. The temperature sensing system displayed
good stability and biocompatibility. The intracellular temperature imaging of living cells by these
ratiometric temperature sensing polymers was explored. It is expected that this LCSTs difference
showing ratiometric fluorescence change would have a significant impact on the various applications,
such as fluorescent temperature sensing and bio-imaging of biological processes at specific organelles.

Supplementary Materials: The following are available online at www.mdpi.com/xxx/s1, Figure S1: 1H NMR
of BOBPYOH, Figure S2: 13C NMR of BOBPYOH, Figure S3: 1H NMR of BOBPYOX, Figure S4: 13C NMR of
BOBPYOX. Figure S5: GPC result of PNB, Figure S6: GPC result of PNmR.
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Abstract: The influence of SiO2/TiO2 nanocomposites on the performance of organic light-emitting
diodes (OLEDs) based on poly(9,9′-di-n-octylfluorenyl-2,7-diyl) (PFO) and various amounts of
poly(2-methoxy-5-(2-ethyl-hexyloxy)-1,4-phenylene-vinylene) (MEH-PPV) was investigated. Prior to
the fabrication of the OLEDs on indium-tin oxide (ITO) substrates, the hybrids of PFO/MEH-PPV,
in the presence and absence of the SiO2/TiO2 nanocomposites, were prepared via the solution
blending technique. Improvement of the performances of the devices in the presence of the SiO2/TiO2

nanocomposites was detected. The existence of the SiO2/TiO2 nanocomposites led to better
charge carrier injection and, thus, a significant reduction in the turn-on voltage of the devices.
The enhancement of MEH-PPV electroluminescence peaks in the hybrids in the presence of
SiO2/TiO2 nanocomposites is not only a result of the Förster resonance energy transfer, but also of
hole-electron recombination, which is of greater significance. Moreover, the existence of the SiO2/TiO2

nanocomposites led to a shift of the CIE chromaticity coordinates of the devices.

Keywords: organic light-emitting diodes (OLEDs); PFO/MEH-PPV hybrids; SiO2/TiO2 nanocomposite;
optoelectronic properties

1. Introduction

There are many advantages that make conjugated polymers attractive as emissive materials in
organic light-emitting diode (OLED) devices. Examples of these advantages are low operating voltage,
low cost of fabrication, ease of processing and manufacturing, flexibility, capability to build devices
with large-area and good solubility in common organic solvents and photothermal stability [1–4].
OLEDs with various colors can be achieved by several techniques, such as: (i) building bilayers in
a tandem diode structure [5,6]; (ii) using a single polymer with multiple functional groups [7,8]; (iii)
blending of conjugated polymers [9,10]; (iv) mixing polymers with nanostructured materials [11,12],
quantum dots [13,14] and small phosphorescent [15,16] or fluorescent [8,17] molecules.

For display applications, polyfluorene (PF) and polyphenylene vinylene (PPV) derivatives have
emerged as an attractive class of conjugated polymers because of their good processability and high
charge carrier mobility coupled with efficient electroluminescence [18,19]. OLEDs based on hybrids
of poly(9,9-di-n-octylfluorenyl-2,7-diyl) (PFO), which acts as a donor material and has a relatively
large band gap, and poly(2-methoxy-5-(2-ethyl-hexyloxy)-1,4-phenylene-vinylene) (MEH-PPV), acting as
an acceptor material, have attracted research attention [20,21]. By combining two conjugated polymers
with contrasting electrical properties, OLEDs based on hybrids of conjugated polymers, as emissive
layers, offer numerous advantageous features compared to single component layers, with luminance
efficiency being improved by balancing electron and hole injection [22,23]. In spite of these features, hybrid
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components require further precautions because a material that emits at a lower energy may also absorb
in the range of the spectral emission of another material that emits at a higher energy [9,24], resulting in
nonradiative energy transfer processes (Förster resonance energy transfer mechanism) [25,26]. The band
intensity of the higher energy emission may be reduced or even eliminated when the nonradiative energy
transfer processes is very efficient. Nevertheless, both an increase in the luminous performance and
color tuning can be achieved concurrently by the careful choice of the concentration of the lower energy
material [9] or by incorporation of suitable nanostructure materials in the hybrids [27,28]. Therefore, it is
necessary to understand the emission dynamics of the hybrid materials to interpret the performance of
the device.

In a recently-published report, it was demonstrated that the emission intensities of pure SiO2

and TiO2 nanoparticles can be enhanced by mixing them to form SiO2/TiO2 nanocomposites [29].
This enhancement in the emission intensities can be attributed to the presence of oxygen vacancies and
the trapped electrons at the interface of SiO2/TiO2 nanocomposite thin films [29]. Therefore, it can be
hypothesized that the incorporation of SiO2/TiO2 nanocomposites into the hybrids of PFO/MEH-PPV
will lead to distinctive enhancement in OLED device performance.

In the current study, the enhancement of OLED performance based on a hybrid of donor (PFO)
and various acceptor (MEH-PPV) amounts in the presence and absence of SiO2/TiO2 nanocomposites
will be characterized in terms of electroluminescence spectra (EL), current-voltage measurements,
turn-on voltage and color measurements.

2. Materials and Methods

Both poly(2-methoxy-5-(2-ethyl-hexyloxy)-1,4-phenylene-vinylene) (MEH-PPV, MW = 40,000 g/mol)
and poly(9,9′-di-n-octylfluorenyl-2.7-diyl) (PFO, MW = 58,200 g/mol) were purchased from Sigma
Aldrich, Saint Louis, MO, USA, and used as received without further purification. The SiO2/(20%TiO2)
was prepared as described in a recent report [29]. Prior to fabrication of the thin films, all materials were
dissolved in toluene, which was purchased from Fluka (Buchs, Switzerland).

The hybrids of PFO/MEH-PPV with various weight ratios of MEH-PPV (0.1, 0.5, 1.0, 5.0 and 10 wt.%),
in the presence and absence of a fixed ratio of 10% SiO2/(20% TiO2) nanocomposites, were prepared by
the solution blending technique. Before fabrication of the OLEDs, the indium-tin oxide (ITO) substrates
(1.2 cm × 2 cm) were treated as reported in recent work [30]. Then, the prepared materials were employed
as emissive layers by deposition onto ITO substrates using spin coating (2000 rpm for 20 s), followed by
annealing at 120 ◦C in a vacuum oven to remove the solvent. To deposit an aluminum cathode, the ITO
substrates with the emissive layers were moved to an electron beam chamber, where the deposition
rate was 2 Å/min at a chamber pressure of 2.5 ×10−6 Pa. For all the OLED devices, the thickness of
the fabricated Al cathode was 150 nm, and the active area of each device was 0.076 cm2.

A Keithley 238 measurement system (Cleveland, OH, USA) was used for I-V measurements,
and an HR2000 Ocean Optics Spectrometer (Metric Drive, FL, USA) was used for EL and color measurements.

3. Results and Discussion

3.1. Current-Voltage Measurements

Figure 1 shows the current-voltage (I-V) characteristics of pristine MEH-PPV and PFO/MEH-PPV
hybrid-based OLED devices in both the absence and presence of SiO2/TiO2 nanocomposites. It can be
observed that the current increased in the presence of the SiO2/TiO2 nanocomposites, while the turn-on
voltage decreased, which demonstrated the improvement of the performance of the OLED device.
The higher voltage (>10 V) led to enhancement of the light emissive layer resistivity, and then,
the currents rapidly decreased. Nevertheless, the incorporation of SiO2/TiO2 nanocomposites resulted
in an increase in the current of more than 40-times compared to that measured in their absence.
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Figure 1. Current-voltage (I-V) measurements of the OLEDs based on hybrids of PFO/MEH-PPV.
(a) In the absence of SiO2/TiO2 nanocomposites; (b) in the presence of SiO2/TiO2 nanocomposites.
The inset shows the I-V curve of the OLEDs based on pristine MEH-PPV.

The higher current can be attributed to a reduction in the resistance and activation energy of
the emissive layer [20,31]. The lower turn-on voltage of injection current in the presence of SiO2/TiO2

nanocomposites compared to their absence can be attributed to a better charge carrier injection [28,32].
However, the gradual reduction in current upon incrementing the MEH-PPV content (more than

1.0 wt.%) indicated the high resistivity of the devices. Once the content of MEH-PPV exceeded 1 wt.%
within the hybrids, more holes and electrons were trapped, and consequently, lower current (and higher
resistivity) was observed. This current reduction can be ascribed to MEH-PPV trapping both holes
and electrons in PFO and instantaneously holding back their transport. Many reports demonstrate
that lower current (and higher resistivity) may cause higher efficiency in exciton confinement and
hole-electron recombination, which are crucial for better OLED device performance [33–35].

3.2. Electroluminescence Spectra

Figure 2 presents the EL spectra of OLED devices based on pristine MEH-PPV and PFO/(0.1, 0.5,
1.0, 5.0, 10 wt.%) MEH-PPV hybrids in the absence and presence of SiO2/TiO2 nanocomposites.
The EL spectra of all OLED devices were dominated by the MEH-PPV emission with a lesser
contribution from PFO emission at 440 nm. The profile does not match the behavior observed in
the fluorescence spectra (not shown here), where the contribution from the emission of PFO was much
more pronounced. In the case of SiO2/TiO2 nanocomposites being present, a significant observation in
EL spectra can be detected when the content of MEH-PPV exceeded 0.1 wt.%. The peak assigned to
the MEH-PPV (740 nm) was enhanced and red-shifted with increasing MEH-PPV content, whereas
the peak intensity at 550 nm was decreased. By comparing the EL spectra with the fluorescence spectra
in all the OLED devices, the relative EL intensity peak of the PFO diminished significantly upon
incrementing the MEH-PPV content. Such significant differences in fluorescence and EL spectra for
hybrids of polyfluorene derivatives have been reported [9,36,37]. Moreover, the significant difference
between the fluorescence and EL spectra was strong evidence that Förster resonance energy transfer
(FRET) was not the only mechanism occurring in the OLED devices during the EL measurements [5].
Whilst fluorescence spectra are created via various types of energy transfer processes or direct excitation,
the EL spectra strongly depend on additional factors such as charge transport, charge injection from
the electrodes, recombination processes and exciton generation.
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Figure 2. Electroluminescence (EL) spectra of the OLEDs based on PFO/MEH-PPV hybrids at applied
voltages corresponding to maximum luminance. (a) In the absence of SiO2/TiO2 nanocomposites;
(b) in the presence of SiO2/TiO2 nanocomposites. The inset shows the EL spectra of the OLEDs based on
pristine MEH-PPV.

A cascade mechanism can be proposed for charge injection in the hybrids that prefers exciton
formation in a lower energy gap polymer. The strong relative decrease of the PFO spectrum contribution
to the EL spectra for all the OLED devices suggested that after the injection of holes and into the OLED
device, either the recombination favorably happened in the MEH-PPV monomers or the excitons were
primarily generated in this polymer phase.

Since the HOMO and LUMO of MEH-PPV lay within the range of those of PFO [20,38], it is
possible that exciton formation in MEH-PPV occurred through the cascade mechanism. Moreover, due to
the position of the MEH-PPV, there was a strong probability that it may have been acting as a trap for
the charge carriers and then enhanced charge recombination in this phase. This probability was also
evidenced significantly by the reduction in turn-on voltage, as discussed in the section above.

It can be concluded that in the EL spectra, the dominance of the peaks assigned to MEH-PPV in
the hybrids was not only the result of FRET, but also arose from hole-electron recombination, which is
of greater significance.

3.3. Color Measurements

Figure 3 shows the CIE coordinates of the PFO/0.5 wt.% MEH-PPV-based OLED device in
the absence and presence of SiO2/TiO2 nanocomposites when the applied voltage was varied from
26–34 V. A blue-shift in the emitted color of the OLEDs was detected with increasing voltage due to
phase separation. Many researchers have shown that mixing of two polymers with different emission
and charge-transport properties leads to a shift in the color of emission of the OLEDs with varying
operating voltage [39,40]. Submicrometer-sized domains with a range of compositions can be caused
by phase separation. Subsequently, some of the excited states can be created in the polymer with
the higher band gap and then lost to the lower band gap polymer by exciton transfer. The existence
of the blue-shifted colors at higher voltages was due to the fact that the electron-hole injection in
the higher energy gap required a higher field [40].
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Figure 3. CIE coordinates of the OLEDs based on PFO/MEH-PPV hybrids when the applied voltage
was increased from 26–34 V. (a) In the absence of SiO2/TiO2 nanocomposites, (b) in the presence of
SiO2/TiO2 nanocomposites.

Table 1 summarizes the CIE chromaticity coordinates of the OLEDs based on PFO/MEH-PPV
hybrids, with and without SiO2/TiO2 nanocomposites, at the applied voltage that caused the highest
luminance. The slight shift in CIE coordinate values upon the increment of the MEH-PPV content
confirmed that the produced color was stable and consistent with the EL spectra.

Table 1. The CIE chromaticity coordinates delivered by the OLEDs at the applied voltage, which caused
highest luminance.

Acceptor Content in
the Blend (wt. %)

In the Presence of SiO2/TiO2

Nanocomposite
In the Absence of SiO2/TiO2

Nanocomposite

CIE Coordinates
V (Volt)

CIE Coordinates
V (Volt)

X Y X Y

0.1 0.313 0.395 31.5 0.294 0.284 36
0.5 0.337 0.447 30.5 0.298 0.305 34
1 0.333 0.413 29.5 0.285 0.37 39.5
5 0.318 0.279 34 0.374 0.346 34.5

10 0.307 0.226 39.5 0.319 0.243 38

Moreover, the existence of SiO2/TiO2 nanocomposites played a crucial role in shifting CIE
chromaticity coordinates with respect to those in their absence. This finding is in agreement with
the EL spectra (Figure 2), which were red-shifted in the presence of SiO2/TiO2 nanocomposites.
This shifting can be attributed to efficient Förster resonance energy transfer in the presence of SiO2/TiO2

nanocomposites and also to the extension of hole-electron recombination zones [11].

4. Conclusions

The solution blending technique was successfully employed to prepare PFO/MEH-PPV hybrids,
in the presence and absence of SiO2/TiO2 nanocomposites, which were used as the emissive layer
in OLED devices. The incorporation of SiO2/TiO2 nanocomposites into the hybrids played a crucial
role in enhancing the optoelectronic properties of the devices. The improvement of the performance
of the OLED device is demonstrated by the significant reduction in turn-on voltage and the increase
in the current of the devices in the presence of SiO2/TiO2 nanocomposites compared to those values
in their absence. This improvement in the device performance started to reduce when the MEH-PPV
content exceeded 1.0 wt.%, even in the presence of the SiO2/TiO2 nanocomposites, because MEH-PPV
trapped both holes and electrons in the PFO. The shift of EL spectra and CIE coordinates upon addition
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of SiO2/TiO2 nanocomposites illustrated efficient Förster resonance energy transfer and extension of
the recombination zone for holes and electrons in the OLED devices.
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Abstract: Hybrid inorganic–polymer nanocomposites can be employed in diverse applications due
to the potential combination of desired properties from both the organic and inorganic components.
The use of novel bottom–up in situ synthesis methods for the fabrication of these nanocomposites
is advantageous compared to top–down ex situ mixing methods, as it offers increased control over
the structure and properties of the material. In this review, the focus will be on the application of
the sol–gel process for the synthesis of inorganic oxide nanoparticles in epoxy and polysiloxane
matrices. The effect of the synthesis conditions and the reactants used on the inorganic structures
formed, the interactions between the polymer chains and the inorganic nanoparticles, and the
resulting properties of the nanocomposites are appraised from several studies over the last two
decades. Lastly, alternative in situ techniques and the applications of various polymer–inorganic
oxide nanocomposites are briefly discussed.

Keywords: nano-hybrids; nanocomposites; sol–gel; in situ synthesis; metal oxides

1. Introduction

Hybrid inorganic–polymer materials have been studied extensively over the last 30 years due to
the unique combination of properties that can arise, especially when the inorganic domains possess a
dimension in the nanoscale (below 100 nm), forming a nanocomposite [1–6]. The potential combination
of the advantages of inorganic materials (e.g., high hardness, high thermal stability, high refractive
index, chemical stability, etc.) with those of organic polymers (e.g., processability, flexibility, low
weight, etc.) can enable a wide range of applications for these nanocomposites. These range from
common plastics reinforcement to abrasion resistant coatings [2,7], flame-retardant materials [8,9],
catalysis [10,11], memory devices [12], integral capacitors [13], optical devices [14,15], electrical
insulation in microelectronics and nanodielectrics [16–18], fuel cells [19], etc. The defining feature
of nanocomposites is the larger interfacial area of the nanoscale inorganic fillers, in comparison to
traditional composites. This larger interfacial area results in a considerable volume of interfacial
polymer, for a lower filler content, with properties that are unique from the bulk polymer [2,20,21].
The emergence of these new properties can be attributed in part to the interactions between the
organic and inorganic components at the interface. Hybrid materials can be divided into two classes,
based on the nature and strength of these interactions: In Class I hybrids, there are only weak bonds
(e.g., van der Waals, or hydrogen bonds) between the organic and inorganic components, while in
Class II hybrids, strong chemical bonds are prevalent at the interfaces [4,7,22]. These interactions
are correlated to the size, shape, size distribution, and dispersion state of the nanoparticle fillers.
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Polymers 2018, 10, 1129

However, nanoscale materials have a tendency to agglomerate in order to minimize the high surface
energy [23,24]. The agglomeration of nanoparticles will reduce the interfacial area and the interactions
with the polymers in nanocomposites, thereby negating the potential benefits of using nanoscale fillers.
In some cases, agglomeration may even result in the deterioration of material properties and act as
defects in the system.

One of the primary challenges in the synthesis of nanocomposites is to ensure a homogeneous
dispersion of the inorganic fillers in the polymer matrix. In standard top–down ex situ methods,
nanoparticles are pre-synthesized and then mixed into the polymer (blending or intercalation) or
a monomer (followed by in situ polymerization) [15,25]. Any agglomerates formed during the
synthesis of these nanoparticles (e.g., during flame pyrolysis or precipitation) are difficult to break
up during this mixing due to the viscosity of the polymer [26,27]. The resulting inhomogeneity in
the nanocomposites can deteriorate the properties of the material. Surface functionalization of the
nanoparticles may help to prevent agglomeration of the nanoparticles, or reduce any phase separation
due to the incompatibility between the hydrophilic inorganic fillers and the hydrophobic polymer
matrix [23,26]. The surface modification can be done using either physical interactions (e.g., surfactants
or adsorbed macromolecules) [2,28,29] or chemical interactions (e.g., silane coupling agents or grafted
ligands), resulting in Class I and Class II hybrid materials, respectively. However, even with the
use of surface-functionalized nanoparticles, it is challenging to achieve a homogeneous dispersion of
non-agglomerated nanoparticles in the polymer matrix through conventional ex situ mixing techniques.

An alternative approach to achieve a homogeneous dispersion is the in situ synthesis of inorganic
nanoparticles in the polymer matrix, using techniques such as sol–gel chemistry, reverse microemulsion,
or hydrothermal/solvothermal synthesis [2,3,7,15,22–24,26,30,31]. These methods typically involve
the mixing of precursors with a non-reactive solvent and the monomer/polymer, where the reaction
of the precursors initiates the synthesis of particles either before or during polymerization [23,27].
This bottom–up approach to the preparation of nanocomposites can enable increased control over
the structure and properties of the nanocomposite by incorporating particle generation, surface
modification, and integration into the polymer matrix in one process. Since the nanoparticles are
nucleated and grown inside the polymer matrix, the passivating effect of the polymer chain functional
groups on the nanoparticles can control particle size and reduce agglomeration [15]. One limitation of
such an approach, however, is that the unreacted precursors or byproducts of the in situ reactions may
alter the properties of the nanocomposite.

Due to the numerous works published on the in situ preparation of many different
nanocomposites, this article aims to familiarize the reader with the sol–gel method for in situ synthesis
of inorganic oxides in polymers. SiO2 (silica) and TiO2 (titania) are two of the most common inorganic
oxide nanofillers used in hybrid materials, and are featured more heavily in this work. A brief synopsis
of several other in situ techniques for fabrication of nanocomposites is also provided at the end.
In addition to the development of the techniques and strategies used, a discussion of the properties
and relevant applications for such nanocomposites is included. For polymer systems, epoxy resins
and poly(dimethylsiloxane) are focused on in this review, due to their versatility in multiple areas
of application, such as in laminates, structural composites, electrical insulation, and coatings for
epoxy [32], and in coatings, optical devices (e.g., LED encapsulation and optical waveguides) and
bioactive materials for polydimethylsiloxane (PDMS) [14,33].

2. The Chemistry of In Situ Reactions

2.1. Sol–Gel Process and the Formation of the Inorganic Network

Sol–gel reactions have been used extensively in the preparation of inorganic materials (e.g., glasses
and ceramics), and is one of the most common routes for preparing amorphous hybrid networks
in situ at low temperatures [2,3,15,27,30,34]. The sol–gel process is well described and consists of
two steps: First, the hydrolysis of a molecular precursor (typically a metal alkoxide), followed by a
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polycondensation reaction to form the inorganic network (Figure 1). Both reactions can also occur
simultaneously once hydrolysis has been initiated. The reactions can be summarized by the following
equation, where M represents a metal and R an alkyl group, and X represents H during hydrolysis and
M during condensation [35]:

M(OR)n + mXOH → [M(OR)n-m (OX)m] + mROH (1)

This method is of particular interest in the in situ formation of an inorganic network (e.g., SiO2,
TiO2, ZnO, Al2O3, ZrO2, etc.) in a polymer matrix, via the swelling of a polymeric host by a solution
containing the precursors (e.g., tetraethylorthosilicate (TEOS) and titanium (IV) isopropoxide (TIP)),
followed by promotion of the sol–gel reactions [27]. The solvent used is an important parameter for
controlling the polymer solubility and preventing liquid–liquid phase separation. Commonly used
solvents include alcohols, tetrahydrofuran (THF), and N,N-dimethylformamide (DMF) [2,22,36].

Several parameters can be adjusted to control the size and morphology of the materials formed
by sol–gel processes. The reactivity of the metal alkoxide (which is affected by the type of metal and
the steric hindrance of the alkoxy groups) will affect the rate of the hydrolysis reaction, which in turn
affects the structure of the metal–oxo networks that form. The hydrolysis is faster when the metal
cation has high electrophilicity and high degree of unsaturation (N − Z, where N is the coordination
number and Z is the oxidation state of the metal) [4]. Transition metal alkoxides (e.g., M(OR)4, where
M = Ti, Sn, Zr, Ce, etc.) are therefore typically very reactive (since N − Z > 0 typically) [4,22,27],
and hydrolyze very easily in the presence of even a small amount of moisture. As a result, inhibitors
may be required to prevent precipitates from forming before the condensation reactions can occur, such
as chelating agents that stabilize the alkoxide and reduce reactivity (e.g., by increasing steric hindrance).
Silicon alkoxides, on the other hand, are less reactive due to their low electrophilicity [4] and require
a catalyst to increase the hydrolysis reaction rate [2,22,27]. Acid catalysis promotes the hydrolysis
reaction, resulting in the formation of open structures with low fractal dimension [27,30]. Base catalysis,
meanwhile, promotes the condensation reaction, leading to colloidal particulate structures [27,30].
Figure 2 shows how pH affects the polymerization behavior of silicon alkoxides.

 

Figure 1. The (a) hydrolysis; and (b) condensation reactions of a silicon alkoxide precursor (Si(OR)4) in
a sol–gel process.

Larger alkoxy groups have greater steric hindrance, resulting in a stabilizing effect that reduces
the reactivity of the metal alkoxide. The kinetics of the hydrolysis and condensation reactions are also
affected by the temperature, ratio of water to metal alkoxide, type of solvent, etc. [2,30,34]. Control of
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the reactivity of metal alkoxides is particularly important when two or more of them must be combined
in one polymer system (e.g., in the preparation of nanocomposites with several inorganic oxides as
filler), in order to prevent phase separation or precipitation.

In addition, the sol–gel process can also be non-hydrolytic, that is, the process is solvent-free
and does not require a water catalyst. The non-hydrolytic sol–gel (NHSG) route usually involves a
reaction between a metal precursor and an oxygen donor (e.g., alkoxide, ether, alcohol, carboxylates,
etc.) under non-aqueous conditions to form the inorganic oxide [37,38]. The reaction proceeds via a
ligand exchange mechanism that is catalyzed by Lewis acids [39]. Due to the difference in reaction
mechanism, the reactivity differences for different metals seen earlier in the hydrolytic process may
not be the same in this case. The NHSG route offers an alternative in cases where the conventional
hydrolytic sol–gel synthesis routes may not be optimal. It is easier to control, as the reactions are
slower than for hydrolytic sol–gel [38,39]. Some common reaction pathways in NHSG methods include
alkyl halide elimination (reaction between metal chloride and metal alkoxide), ester elimination
(reaction between metal alkoxides and acetates), and ether elimination (condensation reaction between
metal alkoxides) [38].

Figure 2. The polymerization behavior of aqueous silica from silicon alkoxide precursors in basic and
acidic solutions with and without flocculating salts. Reproduced with permission from Reference [40].

2.2. Formation of the Organic Network and Crosslinks between the Organic and Inorganic Components
in Hybrids

The in situ formation of nanoparticles or an inorganic network via sol–gel methods may occur
either in the presence of a preformed polymer (that is already polymerized), or by simultaneous
formation of both the organic and inorganic networks, forming an interpenetrating polymer network
(IPN) [2]. While the inorganic network in hybrids is formed via hydrolysis and condensation
reactions, the organic network is formed via polymerization reactions between the monomers,
forming macromolecules with repeating units [41,42]. The polymers may be classified into two
basic types: Addition and condensation polymers.

Figure 3 shows example reactions in the formation of these two types of polymers.
Addition polymers are formed by the linking of monomers without the formation of any byproducts.
Addition reactions may be initiated by free radicals, and propagated by the chain radicals (as
shown in Figure 3a). Reactions between radicals or radical transfer reactions can terminate radical
polymerization. Alternatively, Ziegler–Natta catalysts may also be used in the synthesis of addition
polymers [42]. Polyethylene and polypropylene are common examples of addition polymers. Unlike
addition polymers, condensation polymers are typically synthesized using difunctional monomers,
or different monomers with end groups that can react with each other to form the chain. As a result,
a small molecular byproduct (e.g., water, methanol, etc.) may also form (as shown in Figure 3b).
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Branches or crosslinks can form if a trifunctional monomer is present in addition. Polyamides and
polyesters are two classes of polymers that form via condensation reactions.

 

Figure 3. Reactions for the formation of (a) addition polymers (showing radical polymerization with
one of the possible termination steps); and (b) condensation polymers. R· represents a free radical,
while R1 and R2 represent two different organic groups.

The properties of nanocomposites prepared by the sol–gel process are affected by the size of the
particles formed, as well as the interactions between the inorganic and organic components. Strong
chemical bonds between the continuous and dispersed phases resulting in the formation of Class II
hybrid materials are preferred, since the presence of these bonds will facilitate dispersion and reduce
phase separation. However, for these bonds to form, there must be suitable functional groups available
on the polymer chains. In some cases, there may be competition for the bonds to form, as these
functional groups generally also react with functional groups on other monomers in order to increase
the chain length. In other cases, coupling agents may be used to form bridges between the inorganic
domains with either the polymer chains or monomer units when there are no suitable functional
groups available for bond formation with the inorganic components.

Silane coupling agents (SCAs) are one such example and are often used for modifying
the surfaces of filler particles in nanocomposites to increase compatibility between the
organic and inorganic components [28,29,43]. These are organosilicon compounds with
two different functional groups, typically with the formula X(CH2)nSiR3, where X is a
functional organic group and R is a hydrolysable group [29,43,44]. The organic group
reacts with the polymer matrix and the hydrolysable group reacts with the surface of
the inorganic nanoparticles. Commonly used SCAs include 3-aminopropyltriethoxysilane
(APTES), 3-glycidyloxypropyltrimethoxysilane (GPTMS), 3-isocyanatopropyltriethoxysilane (IPTES),
n-decyltriethoxysilane (DTES), and methacryloxypropyltrimethoxysilane (MPTMS) [28,29,45–51].
The SCAs may be introduced to the nanocomposites via several paths, including copolymerization
with the monomers and reaction with the preformed polymer or the silicon precursor (or a mixture
of the two). Modification of the preformed polymer by the SCA before the sol–gel process is the
frequently used approach [2,48–52], allowing polycondensation reactions between the trialkoxysilyl
groups on the SCA bonded to the polymer and the metal alkoxide precursor, forming a covalent bond
between the two phases.

In addition to SCAs, other coupling agents include carboxylic acids (e.g., oleic acid,
tetrafluorobenzoic acid, etc.), polymer/copolymer chains (e.g., poly(ethylene glycol), polymethyl
methacrylate, poly(glycidyl methacrylate), etc.), and organophosphorus molecules (e.g., phosphonic
acids, aminophenyl phosphate, etc.) [2,28,29,53].
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3. Nanocomposite Fabrication via Sol–Gel Processes

A comprehensive overview over all the inorganic–polymer nanocomposites prepared by an in situ
sol–gel synthesis is beyond the scope of this review. Therefore, selected examples on the development
of epoxy and polydimethylsiloxane (PDMS) nanocomposites prepared using sol–gel processes will
be presented. The inorganic components of the nanocomposites from these examples are primarily
transition metal oxides (e.g., TiO2, ZrO2, etc.) or silica (SiO2). Table 1 shows a general overview of the
various syntheses of nanoparticles in situ in the two different polymer systems. It should be noted that
in some of the works referenced, the authors do not specify the inorganic component in the hybrids as
nanoparticles, but instead as nanodomains. This is most likely because the inorganic networks formed
are so small and polymer-like that they may not qualify as particles with a defined shape (e.g., spheres).
This is more prevalent in the works on PDMS nanocomposites, where the hybrids are called, for
example, M–O–PDMS (where M is the transition metal) instead of PDMS–MxOy nanocomposites. In
Table 1, the inorganic components specified are based on the assumption that these inorganic networks
will form nanoparticles if they grow to an appreciable size. The chemistry behind the synthesis routes,
the effect of various parameters on the inorganic structures formed, as well as the resulting properties
of the nanocomposites are reviewed afterwards.

Table 1. Selected examples of the precursors, surface modification and solvents used in the in situ
synthesis of metal oxide nanoparticles via sol–gel processes in epoxy and polydimethylsiloxane
(PDMS) nanocomposites.

Polymer
System

Inorganic
Component

Inorganic
Precursor

Surface
Modification

Solvent Reference

Epoxy 1

SiO2

TEOS

- - [54]

- Isopropanol [55–57]

APTES
Ethanol [38]

- [52]

GPTMS - [51]

IPTES

- [48]

Ethanol [49]

TEOS, DPTEOS 2 - [58]

APTES APTES DMF [36]

SiO2, TiO2 TEOS, TEOT 3

GPTMS
Acetylacetone [59]

TiO2
TIP - [60]

TBO 4 TCTMTEA 5 Anhydrous THF [61]

SiO2 TEOS - Ionic liquids 6 [62–64]

PDMS

SiO2, TiO2 TEOS, TIP - THF and isopropanol [65]

TiO2 TIP
- Ethanol [66]

- Isopropanol [14,67]

SiO2, TiO2 TIP, TEOS, MTES 7 - [68]

MxOy
8 M(OR)n

8 - Ethanol [69–71]

ZrO2, TaO2 ZBO, TE 9 - 2-ethoxyethanol [72]

SiO2–TiO2/ZrO2 TEOS, TIP, ZP 10 - Isopropanol [73]

MxOy
11 M(OR)n

11 - Ethanol and isopropanol [74]

SiO2 TEOS
- - [5,75–80]

DMDEOS 12 - [77]
1 Molecular weight of the amine curing agent varies (between 230–1970); 2 Diethylphosphatoethyltriethoxysilane;
3 Tetraethylorthotitanate; 4 Titanium (IV) butoxide; 5 Triethoxysilane-capped trimercaptothioethylamine
(TMTEA). Acts as both coupling and curing agent; 6 CH2CO2HMImCl, C3H6CO2HMImCl, andC7O3MImMeS;
7 Methyltriethoxysilane; 8 M = Al, Ti, Ta, Zr, Nb; 9 Zirconium (IV) n-butoxide (ZBO), Tantalum (IV) ethoxide (TE);
10 Zirconium propoxide; 11 M = Al, Ge, Sn, Ti, Zr, Nb, Ta; 12 Dimethyldiethoxysilane.
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3.1. Epoxy Nanocomposites

Epoxy is a thermosetting polymer and an excellent choice for high performance composite
materials when reinforced with SiO2 due to the resulting strength, toughness, good chemical and
heat resistance, and high thermal stability [48,49,51]. Typically, epoxy composites are cured via
a condensation reaction with an amine- or anhydride-based curing agent, forming a copolymer.
Epoxy nanocomposites containing titania (TiO2) are also of interest due to the photocatalytic properties
imparted to the polymer by the TiO2, as well as increases in the refractive index [15,60,61]. Due to the
challenges with achieving a homogeneous dispersion of nanoparticles when employing a traditional
ex situ blending route, there has been an increased focus on the use of in situ sol–gel techniques instead
for nanocomposite synthesis. Diglycidyl ether of bisphenol A (DGEBA) is commonly used as the
monomer, and poly(oxypropylene diamine), also known as Jeffamine, is often used as the curing agent
in these nanocomposites.

For synthesizing nanoparticles in situ in epoxy, most researchers have attempted either a
one-step or a two-step procedure, as shown in Figure 4. In the one-step procedure, the precursors
and reaction components (epoxy resin, coupling agent, inorganic oxide precursor, curing agent,
solvent, catalysts, etc.) are all mixed simultaneously and reacted, before being cast into bulk films.
There are several variations of the two-step procedure. In a ‘simultaneous’ two-step procedure,
the inorganic oxide precursor (TEOS, TIP, etc.) is pre-hydrolyzed in the first step using a catalyst
(e.g., p-toluenesulfonic acid monohydrate (TSA) or dibutyltin dilaurate (DBTDL)). The second step
involves the polymerization of the organic components and the formation of the oxide network
simultaneously when the pre-hydrolyzed precursor is mixed with the monomer and curing agent. In a
‘sequential’ two-step procedure, the epoxy resin is cured in the first step, before being swollen by the
alkoxide, water, catalysts, etc. in the second step. The inorganic oxide network in this case forms in
a preformed organic network, as the epoxy is already cured. Finally, there is also the ‘chronological’
two-step procedure where an SCA is first added to the epoxy to form modified (silanized) monomer
chains. In the next step, the inorganic precursors (alkoxide, water, catalyst, etc.) are added sequentially
to form the oxide network before the nanocomposite is cured. Since the coupling agents provide a
chemical bond between the organic and inorganic networks, this procedure results in the formation of
Class II hybrids. One of the advantages with a two-step procedure is that it offers more control over
specific reactions, depending on which variation of the procedure is used, since not all of the reactions
are occurring simultaneously, as in the one-step procedure.

3.1.1. Effect of Synthesis Procedure and pH on the Structure and Morphology of Nanocomposites

Matějka et al. prepared epoxy–SiO2 nanocomposites using a one-step procedure [55–57],
a simultaneous two-step procedure [55–57], and a sequential two-step procedure [56,57]. Differences in
the structure of the inorganic domains arose based on whether the reaction was carried out in a
one-step or two-step procedure. In the one-step procedure, large SiO2 aggregates (100–300 nm) were
observed through scanning electron microscopy (SEM) [57], which was attributed to the reaction being
catalyzed by the amine curing agent (a base) due to its molar excess over the acidic catalyst (TSA).
Base catalysis promotes the condensation reaction and the formation of colloidal (spherical) particles.
Small angle X-ray scattering (SAXS) experiments revealed compact silica structures with high fractal
dimension (Dm = 2.7) [55,57]. For hybrids prepared using the two-step simultaneous process, smaller
SiO2 structures were observed (50–100 nm) with a lower fractal dimension (Dm = 1.7), indicating
a more open SiO2 cluster due to the TEOS being pre-hydrolyzed by an acid [55–57]. The choice of
catalyst can also affect the morphology—DBTDL was seen to be less effective at hydrolyzing TEOS
than TSA, resulting in more compact SiO2 clusters (Dm = 2.5–2.7) [56,57]. In the two-step sequential
process, the distribution of the inorganic phase was not uniform, with a higher SiO2 concentration on
the surface. This was due to the inhomogeneous swelling of the epoxy resin by the TEOS. However,
the SiO2 domains were small (10 nm) and formed an open structure (Dm = 1.9–2.2) due to the acid
catalysis of the TEOS hydrolysis [57]. Dynamic mechanical analysis (DMA) showed a larger shear
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storage modulus for the in situ epoxy-SiO2 nanocomposites compared to pure epoxy [57]. However,
this reinforcement was dependent on the procedure used for preparation. Acid pre-hydrolysis of TEOS
resulted in higher modulus in the nanocomposites, compared to those prepared without pre-hydrolysis
(e.g., in the one-step procedure or when the TEOS was pre-hydrolyzed by pH neutral DBTDL catalyst).
The sequential two-step procedure with pre-hydrolyzed TEOS possessed the largest storage modulus.
In addition, the loss factor (tan δ) also decreased and broadened with the inclusion of SiO2 in
epoxy, with the sequential two-step prepared hybrid showing the largest decrease. The observed
reinforcement effects are attributed to increasing interphase interactions in the hybrid systems, resulting
in a larger immobilized layer of polymer chains around the nanoparticles [57]. The nanocomposites
were determined to have a bicontinuous morphology (the SiO2 forms a continuous phase in the organic
matrix) rather than a particulate composite (with dispersed SiO2 particles), based on agreement of the
data with the two different models [57].

 

Figure 4. Schematic displaying the general principles of the (a) one-step procedure; and the
(b) ‘simultaneous’; (c) ‘sequential’; and (d) ‘chronological’ two-step procedures used in the in situ synthesis
of epoxy nanocomposites. The colors of the various solutions are described as follow: The pure epoxy
resins are indicated either by light green (monomer solution), dark green (polymer solution), or orange
(monomers modified by silane coupling agents (SCA)), the inorganic oxide precursors are indicated by
light purple, or dark purple (pre-hydrolyzed), and the SCAs are indicated by red.
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Bauer et al. [54] similarly prepared epoxy–SiO2 nanocomposites using both a one-step procedure
and a two-step sequential procedure, but without any additional catalysts. SAXS data (corroborated
by TEM images) showed that the nanocomposites prepared using a one-step procedure had extensive
phase mixing (slope of −2 in the Porod region), while those prepared using the two-step sequential
procedure (with the pre-cured epoxy) were strongly phase-separated (slope of −4 in the Porod
region) [54]. The latter result is contrary to that presented by Matějka et al. [56], where the sequential
procedure also led to phase mixing (−2 slope in the Porod region). This difference was attributed
by Matějka et al. [56] to differences in the temperature of the synthesis (60 ◦C instead of 90 ◦C),
with a higher temperature promoting increased grafting between the organic and inorganic networks.
Thermogravimetric analysis (TGA) also showed increased thermal stability for the nanocomposites,
with the initial mass loss occurring at 20–50 ◦C higher temperatures than for pure epoxy resin [54].
A decrease in the slope of the thermogravimetric curves (resembling a small plateau) was observed
between 400 and 600 ◦C for pure epoxy resin, corresponding to char formation. This plateau was
shifted to higher temperatures for the nanocomposites, with the inorganic network possibly acting as a
barrier to the decomposition of the organics. The skeleton-like morphology of the SiO2 remaining after
the organic burn-off indicated the formation of an interpenetrating polymer network (IPN), similar to
the bicontinuous morphology suggested by Matějka et al. [57].

3.1.2. The Effect of Silane Coupling Agents

Several works have also employed the ‘chronological’ two-step procedure in the preparation of
epoxy nanocomposites, using SCAs to improve the dispersion of the nanoparticles formed in situ.
Figure 5 shows a schematic for a possible outline of the reactions occurring during this procedure
between the DGEBA monomer, the coupling agent, and the precursor.

Nazir et al. [52] prepared epoxy–SiO2 nanocomposites by first modifying the DGEBA monomer
with the SCA APTES, followed by sol–gel reaction with TEOS and water and subsequent curing using
Jeffamine. Nanocomposites were also prepared without the SCA using the same synthesis procedure,
minus the addition of the APTES. TEM images (Figure 6) showed clear differences between the samples
(with the same SiO2 content) prepared with and without the SCA. The nanocomposites without the
SCA showed distinct SiO2 particles, indicating a two-phase morphology, whereas the nanocomposites
with the SCA showed less distinct organic and inorganic phases, representing a bicontinuous phase
morphology similar to that proposed by Matějka et al. [57]. TGA also showed that the thermal
stability, as well as the average energy of activation (Ea) for the degradation, slightly increased
for the nanocomposites when APTES was used [52]. However, there was no indication of char
formation. Dynamic mechanical thermal analysis (DMTA) showed a higher storage modulus for the
nanocomposites in the glassy region. The storage modulus increased with increasing SiO2 content
up to 10 wt % for samples prepared without APTES and up to 15 wt % for samples prepared with
APTES (which also showed the highest storage modulus). Further increase in the SiO2 content led to a
decrease in the storage modulus. The glass transition temperature (Tg), given by the position of the loss
factor peak, also increased with increasing SiO2 content (by approximately 4 ◦C up to 10 wt %) [52].
Tg was observed to be higher for samples prepared with APTES than for those without.
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Figure 5. Schematic of the in situ sol–gel reactions possibly occurring in the ‘chronological’ two-step
procedure for the preparation of epoxy–SiO2 nanocomposites. Diglycidyl ether of bisphenol A
(DGEBA) is used as the epoxy monomer, 3-aminopropyltriethoxysilane (APTES) as the coupling
agent, and tetraethylorthosilicate (TEOS) as the silica (SiO2) precursor. The curing step is not shown in
this schematic.

Afzal and Siddiqui [51] used a similar procedure to that used by Nazir et al. [52] in the preparation
of their epoxy–SiO2 nanocomposites, the differences being the use of GPTMS as the SCA, a lower
pH (2), and a higher temperature for the hydrolysis and condensation reactions (60 ◦C instead of room
temperature). Atomic force microscopy (AFM) was used to investigate the microstructure and surface
morphology of the nanocomposites (Figure 7). Inclusion of SiO2 in epoxy led to increased roughness
of the surface. The peaks in Figure 7 represent the SiO2 nanoparticles and show a homogeneous
distribution. At higher SiO2 loads (above 15 wt %), the SiO2 begins to agglomerate. The addition of
GPTMS resulted in reduced agglomeration and an improved dispersion of the SiO2. Macroscopic phase
separation was only observed above 25 and 30 wt % of SiO2 for samples treated with and without
GPTMS, respectively [51], compared to 20 and 25 wt % for samples treated with and without APTES,
respectively [52]. This difference may be attributed to the SCA used, but could also be due to the
differences in synthesis conditions. The use of lower pH and higher temperature will promote the
hydrolysis of TEOS, resulting in a more network-like open structure, and therefore increased phase
mixing. The formation of the silica network was investigated by both Nazir et al. [52] and Afzal and
Siddiqui [51], using Fourier transform infrared spectroscopy (FTIR), with the Si–O–Si asymmetric
stretching showing an absorption band at 1085 cm−1.
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Figure 6. TEM micrographs of epoxy–SiO2 hybrids with 10 wt % SiO2: (a) Hybrid films prepared
without SCAs; and (b) hybrid films prepared with APTES. Reproduced with permission from
Nazir et al. Progress in Organic Coatings; published by Elsevier B.V., 2010.

 

Figure 7. 3D atomic force microscopy (AFM) micrographs showing the surface morphology of
epoxy nanocomposites (15 and 20 wt % of SiO2). The ESA (epoxy silica A) hybrids (left) were
prepared without 3-glycidyloxypropyltrimethoxysilane (GPTMS), and the ESB (epoxy silica B) hybrids
(right) were prepared with GPTMS. The peaks represent silica nanoparticles and/or agglomerates,
and the SiO2 is distributed more homogeneously and less agglomerated when GPTMS is used.
Reproduced with permission from Afzal and Siddiqi, Polymer; published by Elsevier Ltd., Amsterdam,
The Netherlands, 2011.

Differential scanning calorimetry (DSC) data corroborated the findings from DMTA by
Nazir et al. [52], showing an increased Tg for the epoxy–SiO2 nanocomposites (by 6 ◦C up to 10 wt %)
compared to pure epoxy [51]. Afzal and Siddiqui attributed the increase in Tg to the loss of mobility
of the polymer chains around the SiO2 nanoparticles, caused by the increased interactions at the
interfaces [51]. As with the case of adding APTES, the inclusion of GPTMS also led to a further increase
in Tg for the nanocomposites (by 9 ◦C up to 10 wt %). Excess amount of SiO2 (above 10 wt %), however,
showed a decrease in Tg again (Figure 8), which was suggested to be due to the agglomeration of the
nanoparticles, resulting in fewer interactions and fewer immobilized chains [51].
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Figure 8. Changes in the glass transition temperature (Tg) with silica content in epoxy nanocomposites.
ESA hybrids were not prepared using GPTMS, and ESB hybrids were prepared with GPTMS.
Reproduced with permission from Afzal and Siddiqi, Polymer; published by Elsevier Ltd., 2011.

Several other works [36,48–50,61] have carried out similar in situ syntheses of epoxy–SiO2 and
epoxy–TiO2 nanocomposites, using various coupling agents (APTES, IPTES, and triethoxysilane-
capped trimercaptothioethylamine (TCTMEA)) and reported similar observations for the changes
in properties described above. Guan et al. [61] investigated the optical properties of epoxy–TiO2

nanocomposite films, and reported over 90% transparency for up to 20 wt % of TiO2. The refractive
index at 632.8 nm also increased from 1.61 (for pure epoxy) to 1.797 (for 65 wt % TiO2). The tensile
strength, impact strength, tensile and flexural moduli, and ductility are improved significantly in in
situ prepared epoxy–SiO2 nanocomposites, compared to pure epoxy [36,48,50]. This toughening of
the nanocomposites is attributed to the strong covalent bonds formed at the interfaces between the
organic and inorganic networks via the coupling agents, which can withstand external stresses and
transfer them to the rigid nanoparticles. However, agglomeration of the nanoparticles in the epoxy can
compromise the mechanical properties.

Wu and Hsu [59] prepared epoxy–SiO2 and epoxy–TiO2 nanocomposites (both with 10 wt % of
inorganic oxide) using TEOS and tetraethylorthosilicate (TEOT), respectively, as the precursors for
the inorganic oxides. GPTMS was used as the coupling agent. For the epoxy–SiO2 nanocomposites,
they followed a one-step procedure by mixing all the reactants and adding an acid catalyst (HCl)
dropwise while stirring. A similar method was used for the epoxy–TiO2 nanocomposites, but a
mixture of tetraethylorthosilicate (TEOT) and acetylacetone was added dropwise instead of the acid.
This was due to the higher reactivity of the TEOT, with the acetylacetone stabilizing the TEOT.
Phase separation was observed in samples where GPTMS was not used, whereas the samples prepared
with GPTMS were transparent and homogeneous in appearance. TEM images (Figure 9) displayed
well-dispersed, non-agglomerated SiO2 and TiO2 nanoparticles (22 nm average size) in the epoxy
resin. The images, however, show distinct TiO2 nanoparticles, whereas the SiO2 nanoparticles are
less distinct in contrast and resemble the IPNs reported by Nazir et al. [52] and Bauer et al. [54].
This could be attributed to the controlled hydrolysis of the TEOT, meaning that the condensation
rate is higher, leading to the formation of colloidal TiO2 nanoparticles. Meanwhile, TEOS hydrolysis
is catalyzed by the acid, leading to the formation of more polymer-like SiO2 networks, resulting in
the less distinct phase in the TEM image. DSC results confirmed previous observations, with an
increase in Tg observed for both types of nanocomposite [59]. TGA results are consistent with other
studies for the epoxy–SiO2 nanocomposites, with an increase in thermal stability compared to the pure
epoxy. However, the thermal stability of epoxy–TiO2 nanocomposites is lower than that of pure epoxy,
and is attributed to metal-catalyzed oxidative decomposition pathways [59]. This result is contrary
to those reported by Guan et al. [61], where thermal stability increased with increasing TiO2 content.
Char formation was observed between 400 and 500 ◦C in both studies.
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Figure 9. TEM images of the (a) epoxy–SiO2; and (b) epoxy–TiO2 nanocomposites prepared with
GPTMS as coupling agent. Reproduced with permission from Wu and Hsu, The Journal of Physical
Chemistry C; published by American Chemical Society, 2010.

3.1.3. Application of Ionic Liquids in the Synthesis Procedure

Recently, Donato et al. [62–64] used carboxylic and ether ionic liquids (ILs) in both
hydrolytic and non-hydrolytic sol–gel processes in the synthesis of epoxy–SiO2 nanocomposites.
Methylimidazolium-based ILs (organic salts with ionic–covalent crystal structures, e.g.,
CH2CO2HMImCl, C3H6CO2HMImCl, C7O3MImMeS, etc.) can be applied as replacements
for conventional volatile solvents, as catalysts for the sol–gel process, or as silica morphology
controllers [62]. Due to their selective interaction features and the ability to self-organize, they can
act as molecular templates in the sol–gel synthesis of SiO2 nanoparticles [63,81], with different ILs
resulting in different matrix–filler interface characteristics [62].

Referenced epoxy–SiO2 nanocomposites prepared without ILs displayed silica aggregates between
100 and 200 nm in size, while those prepared with C7O3MImMeS resulted in smaller compact SiO2

nanodomains (20–50 nm), forming large loose aggregates with Dm = 1.7. However, the use of
C1MImBF4 instead resulted in large agglomerates (>200 nm) of dense particles, with Dm = 3 and
poor dispersion [63]. As a result, the nanocomposites prepared with the MeS–anion IL showed strong
interfacial interactions, with an increase in the shear storage modulus and decrease in the loss factor,
while those prepared with the BF4–anion IL showed the opposite (no mechanical reinforcement).
However, the nanocomposites prepared with TEOS pre-hydrolyzed using C10MImBF4 and HCl
resulted in the most homogeneous morphology, with 10 nm SiO2 domains, leading to the highest shear
storage modulus. This is attributed to the IL cation providing physical crosslinking, as the interfacial
interaction is weak due to the immiscibility of the IL and the poly(oxypropylene) chains of the epoxy
network [63].

SCAs can also be combined with ILs in the in situ synthesis of epoxy–SiO2 nanocomposites to
tune their mechanical properties. Figure 10 shows a schematic of the various synthesis approaches
using ILs and SCAs. The addition of GPTMS in the synthesis led to increased fracture strain and
toughness for nanocomposites prepared with both MeS– and BF4–anion ILs [64]. On the other hand,
the tensile strength decreased initially for small amounts of GPTMS, before increasing with the GPTMS
content until 20–30% GPTMS, after which it decreased again [64]. However, combination of the IL and
GPTMS in the synthesis decreased the tensile moduli of the nanocomposites, which was attributed
to a decrease in the crosslinking density in the organic network. Contrary to the findings reported
previously in this review, Donato et al. [64] reported a decrease in Tg when GPTMS is used along
with ILs.

A non-hydrolytic sol–gel approach was also applied to prepare epoxy–SiO2 nanocomposites
using ILs, with boron trifluoride monoethylamine (BF3MEA) complex as the solvent [62]. The reaction
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in this approach is slower, allowing structure control and avoiding phase separation without the
application of a co-solvent [62]. With C3H6CO2HMImCl, the epoxy–SiO2 system displayed small,
loosely packed agglomerates (10–100 nm), while without the IL the system showed larger agglomerates
(500 nm). Similar to the hydrolytic approach, the use of ILs in the non-hydrolytic sol–gel process
also resulted in an increase in the shear storage modulus, fracture strain, toughness, and tensile
strength. The non-hydrolytic sol–gel approach with ILs also appears to be better suited for glassy
epoxy nanocomposites (formed by using more basic amine curing agents, with lower amine equivalent
weight) than for rubbery nanocomposites (formed by using less basic amine curing agents, with higher
amine equivalent weight) [62]. This is explained to be due to the catalytic effect of the IL (which is
slowed down in the non-hydrolytic approach) and the resulting sensitivity to the basicity of the system
when the curing agent is added, but further investigation into the effects of the reaction condition is
required for these systems.

Figure 10. Schematic for various applied synthesis approaches for the preparation of epoxy–SiO2

nanocomposites (a) without ionic liquid (IL) C7O3MImMeS; (b) with IL C7O3MImMeS; (c) with GPTMS;
and (d) with GPTMS and IL C7O3MImMeS. GPTMS is labelled as GTMS in the original figure. The gray
platelets represent SiO2 nanoparticles. Reproduced with permission from Donato et al., Journal of
Materials Chemistry; published by The Royal Society of Chemistry, 2012.

139



Polymers 2018, 10, 1129

3.2. Polysiloxane Nanocomposites

Polysiloxanes (silicones) are quite prevalent in applications today, for example, in the textile,
food, biomedical, aerospace, and electronics industries [82–84]. Polydimethylsiloxane (PDMS) is a
homopolymer with the general formula H3C[Si(CH3)2O]nSi(CH3)3, where n is the number of repeating
units. The PDMS chains can also contain silanol end groups (Si–OH), forming hydroxy-terminated
PDMS (PDMS–OH). The use of transition metal oxide fillers for PDMS has recently attracted interest
due to the improvements in the optical and mechanical properties of the nanocomposites, opening
new possibilities for applications in optical devices [14]. The unique flexible and rubbery properties of
PDMS, along with its thermal stability, have also made it suitable for application as thermally stable
rubbers and hydrophobic coatings [66,68,72].

Unlike that of epoxy nanocomposites, the synthesis of most PDMS nanocomposites is done
without the use of any coupling agents. This is because hydroxy-terminated PDMS precursors
(PDMS–OH) already contain silanol end groups, which allows PDMS to participate in the condensation
reaction and be integrated into the inorganic network [68]. Coupling agents are therefore not required
to improve compatibility between the organic and inorganic components as they are for epoxy
nanocomposites, where there are no silanol end groups in the polymer chains. In addition, the
selection of solvents and chelating agents is more important in the synthesis of PDMS nanocomposites
containing an inorganic network of a transition metal oxide. This is due to the greater reactivity of the
transition metal–alkoxide precursors commonly used. This results in the precipitation of colloidal MO2

particles, where M is the transition metal. Therefore, most sol–gel approaches to these nanocomposites
are generally two-step procedures—the metal alkoxide is usually stabilized first by the chelating agent
or solvent, and then mixed with the PDMS and the hydrolysis and condensation reactions are initiated.

3.2.1. In Situ Synthesis Procedures Using a Chelating Agent for the Transition Metal Alkoxides

One of the earliest applications of the sol–gel approach in the synthesis of PDMS nanocomposites
with a transition metal oxide inorganic network was by Glaser and Wilkes, using a chemically
controlled condensation method for PDMS modified by TEOS [65]. TEOS and PDMS were initially
mixed with isopropanol or THF as a solvent, and then with glacial acetic acid. The mixture was
left overnight in N2 atmosphere, before TIP was added as the precursor for TiO2. This pretreatment
with a solvent and glacial acetic acid was to prevent the fast hydrolysis of the TIP. The solution was
then mold casted and cured to prepare nanocomposite films. The formation of a Ti–O–Ti network in
the PDMS–TEOS hybrid resulted in some improvements in the mechanical properties, notably the
increased storage modulus after the glass transition, and the stress at break [65].

Yamada et al. [69] investigated the formation behavior of PDMS hybrids prepared using metal
alkoxides of Al, Ti, Zr, Nb, and Ta as the inorganic precursors. The ratio of metal alkoxide to PDMS
was varied, and the alkoxides were chemically modified using ethyl acetoacetate (EAcAc) to control
the hydrolysis of the reactive alkoxides. The EAcAc was first mixed with the metal alkoxides, followed
by addition of ethanol, water, and PDMS. After mixing, the solutions were mold casted and cured at
70 ◦C for 2 days, followed by post curing at 150 ◦C for 3 days. 13C-NMR and FTIR showed that the
EAcAc is bonded to the Al, Ti, and Zr metal alkoxides by substitution of two alkoxy groups, forming a
bidentate ligand [69]. For the Ta and Nb alkoxides, however, fewer than 2 alkoxy groups on average
were replaced by the EAcAc. Upon addition of water, hydrolysis is initiated and the chelate complex
is released. The Al alkoxide, however, formed the strongest chelated complex with EAcAc, and was
therefore less subject to the hydrolysis. Chelated complexes are suspected to remain in the hydrolyzed
solutions and gels, thus preventing the formation of large inorganic particles. Figure 11 shows an
illustration of the formation behavior of these PDMS hybrids when using EAcAc as a chelating agent.
The optical properties of these hybrids were also investigated (Figure 12). The refractive indices of the
hybrids increased with increasing ratio of metal alkoxide to PDMS (i.e., increasing inorganic content),
in the order Al < Zr ≤ Ti < Ta ≤ Nb for the different metal alkoxides [69]. This sequence is attributed to
the fact that, with higher valency cations, the chance to form M–O–Si bonds is larger, leading to a more
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densely crosslinked network between PDMS and the metal oxide. The hybrids were transparent in the
wavelength region of visible light (400–700 nm), with an absorption edge at 500 nm, thus appearing
yellow in color (except for the Ti–O–PDMS hybrid at 650 nm, appearing red instead). The transmittance
was reduced to zero in the UV region for all the nanocomposites (below 400 nm). FTIR showed the
emergence of a new absorption band around 930 cm−1, which was assigned to the M–O–Si bonds
formed by the reaction of the hydrolyzed alkoxides with the Si–OH groups of the PDMS [69].

 

Figure 11. Schematic illustration of the formation of PDMS-based hybrids with metal alkoxide
precursors complexed with chelating agent ethyl acetoacetate (EAcAc). Reproduced with permission
from Yamada et al. Journal of Sol–Gel Science and Technology; published by Kluwer Academic
Publishers, 2000.

Shindou et al. [66] prepared PDMS–O–Ti hybrids, using EAcAc as the chelating agent for TIP
and ethanol as a solvent. The hybrid films were cured at either 150 ◦C for 2 h or 300 ◦C for 6 h.
Tapping-mode AFM phase images showed differences in the morphology of the prepared hybrids,
depending on the molar ratio of PDMS to TIP and the curing temperature. For the samples cured
at 150 ◦C, low PDMS content (PDMS/TIP < 0.25) showed a continuous phase structure, whereas
high PDMS content (PDMS/TIP > 0.35) showed distinct spherical domains of inorganic material
(approximately 500–700 nm) in an island-like structure. For the samples cured at 300 ◦C, however,
the images showed homogeneous and featureless surfaces for all PDMS/TIP ratios, indicating
homogeneous mixing of the organic and inorganic components in the hybrid [66]. An FTIR absorption
band at 960 cm−1 disappeared when the sample was heated to 300 ◦C. This was attributed to a possible
coordinate bond between Si and Ti (rather than Si–O–Ti bonds in the hybrid), which is cleaved at
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higher temperatures (thus resulting in the disappearance of the band) [66]. The hydrophobicity of the
hybrids decreased with decreasing molar ratio of PDMS/TIP, as the contact angle of the films with
water was reported to decrease with increasing inorganic content in the hybrids.

Figure 12. Optical properties of PDMS–O–M hybrids (M = Al, Ti, Zr, Nb or Ta) prepared using
M-alkoxides. (a) UV-VIS transmittance spectra for hybrids prepared with metal alkoxide to PDMS
ratio of 4; (b) Change in refractive index with metal alkoxide to PDMS molar ratio for various hybrids.
Reproduced with permission from Yamada et al., Journal of Sol–Gel Science and Technology; published by
Kluwer Academic Publishers, 2000.

Katayama et al. [72] prepared PDMS hybrids using zirconium n-butoxide (ZBO) and tantalum
ethoxide (TE) as precursors for the inorganic components. EAcAc was again used as a complexing
agent, and 2-ethoxyethanol was the solvent. A procedure similar to that used by Yamada et al. [69] was
applied in the preparation of the hybrid films. X-ray photon spectroscopy (XPS) revealed information
on the chemical bonding state of the inorganic components in the hybrids. Figure 13a shows a
comparison of the Zr3d XPS doublet peaks of a PDMS–O–Zr hybrid and ZrO2. The similarity of
the peaks indicates that Zr was most likely present as an oxide in the hybrid, but the higher shift
of the binding energy of the doublet peak also shows that the Zr species were bound to a more
electron-attractive species (i.e., the siloxane) [72]. This was corroborated by Fourier transforms of the
extended X-ray absorption fine structure spectroscopy (EXAFS) (shown in Figure 13b) as the Zr–Zr(Si)
peaks in the hybrids were shifted to shorter distances compared to the corresponding peak for ZrO2.
This means that the second neighbors of Zr contained other atoms than Zr [72]. The ZrO2 nanodomains
are then chemically crosslinked to PDMS via Zr–O–Si bonds. High-resolution TEM (HRTEM) images
of the hybrids showed inorganic domains of 2–3 nm distributed homogeneously, with the size of the
domains increasing with the molar ratio of ZBO/PDMS. Data from SAXS experiments are consistent
with the observations from HRTEM. A Guinier analysis indicated a gyration radius of 2.29 nm, which
corresponds with the size of the inorganic domains being 2.96 nm, assuming the particles are spherical.
FTIR also confirmed the formation of Zr–O–Si bonds between the inorganic domains and the PDMS,
with the ZrO2 nanodomains behaving as crosslinkers for PDMS chains [72]. DMA revealed an increase
in the tensile strength and Young’s modulus of the hybrids, with a larger increase for the PDMS–O–Zr
hybrids than for the PDMS–O–Ta hybrids. The tensile strength and Young’s modulus also increased
with increasing metal alkoxide to PDMS molar ratio. However, these increases were most prominent
at higher temperatures (above 150 ◦C), which is suspected to be due to increased reaction progress
between the PDMS and the hydrolyzed alkoxides. The mechanical properties improved compared
to those of PDMS–TEOS hybrid materials. This is suspected to be due to the greater efficiency of the
inorganic oxides acting as crosslinkers for PDMS.
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Figure 13. (a) Zr3d XPS spectra of a PDMS–ZrO2 hybrid (ZBO/PDMS molar ratio of 4) and ZrO2;
(b) Fourier transforms of extended X-ray absorption fine structure spectroscopy (EXAFS_ spectra for
PDMS-ZrO2 hybrids (ZBO/PDMS ratio of 8 and 2) and ZrO2. Reproduced with permission from
Katayama et al. Journal of the American Ceramic Society; published by Wiley–Blackwell, 2002.

Yamada et al. [70,71] also investigated the mechanical properties of PDMS hybrids (prepared
using the same procedure described from [69]) earlier, and reported a higher Tg and storage modulus
for the hybrids compared to pure PDMS [70]. The inorganic component was also seen to affect the
improvements in the mechanical properties, as shown in Figure 14. The storage modulus at room
temperature increased in the order of Al < Ti < Ta as the inorganic network became denser. The tensile
strength, however, showed slightly different behavior, and increased in the order Al < Ta < Ti. This was
attributed to the degree of interaction between the inorganic component and the PDMS, which is
dependent on both the strength of the bond as well as the number of bonds forming [71].

Figure 14. Changes in the (a) storage modulus and (b) tensile strength, for different PDMS hybrids,
as a function of temperature and metal alkoxide to PDMS ratio, respectively. Reproduced with
permission from Yamada et al. Journal of Sol–Gel Science and Technology; published by Kluwer Academic
Publishers, 1998.
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3.2.2. In Situ Synthesis Procedures without Chelating Agents

Almeida et al. [73] prepared PDMS–SiO2–MO2 hybrids (where M = Ti or Zr) in a slightly different
two-step procedure, both with and without a chelating agent. For the samples prepared without a
chelating agent, PDMS–OH and the Ti or Zr alkoxides were separately mixed with isopropanol. They
were then mixed together simultaneously with TEOS, and the pH was adjusted to 10 or 13. For the
samples prepared with a chelating agent, the same procedure was used, but the Ti or Zr alkoxides
were mixed with EAcAc instead. After the subsequent curing and heat treatment at 150 ◦C for 24 h, all
the samples were homogeneous and transparent, even those without EAcAc. The lack of precipitation
from the transition metal alkoxides in the absence of EAcAc in this case may be attributed to the higher
pH, which favors condensation over hydrolysis in the sol–gel reactions, thereby preventing the fast
precipitation of TiO2 or ZrO2 from the hydrolysis of the alkoxides.

Alternatively, the use of isopropanol in the synthesis may also have been responsible for
the reduced hydrolysis rate of the alkoxides. This strategy is used in several other works where
PDMS hybrids were prepared without chelating agents. The strategy usually involves the use of an
alcohol as a solvent—if the same alcohol is a product of hydrolysis of the metal alkoxide, then the
reaction equilibrium is shifted to stabilize the alkoxide [14]. Julian et al. [74] prepared PDMS–O–M
nanocomposites using dimethyldiethoxysilane (DMDES) as the PDMS precursor, and metal alkoxides
of Al, Ge, Sn, Ti, Zr, Nb, and Ta. Isopropanol or propanol was used as the solvent for the metal
alkoxides. The arrangement and length of the siloxane chains were affected by the type of metal
alkoxide used in the hybrids, based on results from FTIR and 29Si MAS (magic angle spinning) NMR.
In addition, the bands for symmetric Si–O–Si stretching vibration in the Raman spectra were also
shifted to lower wavenumber in the hybrids, indicating a more rigid environment for the PDMS
chains. The PDMS hybrid system containing Ge most likely consisted of short PDMS chains with a
few siloxane units (4–5), while the systems containing Ti, Zr, and Al consisted mostly of long PDMS
chains, and those containing Ta, Nb, and Sn had an intermediate structure. The crosslinking effect of
the transition metals (via M–O–Si bonds, as evidenced by FTIR) appears to be strongest for Ta- and
Nb-containing hybrids, as shown by the largest increases in Tg [74].

More recently, Lu and Mullins [67] used a non-aqueous sol–gel procedure for PDMS–TiO2

nanocomposites. The hydrolysis of TIP was reduced by mixing with isopropanol before being mixed
with PDMS. This procedure was then adapted by Dalod et al. [14] with anhydrous isopropanol instead,
and with different viscosities of a PDMS–OH precursor. No chelating agent was used in either of
these works. Presence of FTIR bands attributed to Ti–O–Si units and Ti–O–Ti units, as well as the
absence of the broad band for –OH groups, confirmed the full reaction of the –OH groups of the
PDMS–OH precursor, and the formation of TiO2 nanodomains crosslinked with PDMS. At high TiO2

contents, additional bands corresponding to amorphous TiO2 were observed from Raman spectroscopy,
indicating the formation of larger amorphous TiO2 domains or particles. These TiO2 domains were
calculated to be 3.8 nm on average, based on SAXS measurements. The correlation length between the
amorphous inorganic domains decreased with increasing content of TiO2, indicating that the particles
are more densely packed (assuming constant particle size). The contact angle with water decreased
with increasing TiO2 content, showing a reduced hydrophobicity in the hybrids (as seen similarly
from the results reported by Shindou et al. [66]). The optical properties of the hybrids were also
measured, showing good transparency in the visible range of the spectrum for hybrid films with low
TiO2 content. However, at higher TiO2 contents, the transparency dropped significantly for the films
containing PDMS with 25 and 65 cSt viscosity, due to scattering of light on the rough surface of the
samples (Figure 15). The transmittance was also reduced to zero in the UV region (below 320 nm), most
likely due to the absorbance of UV by the TiO2 nanoparticles. With increasing amount of inorganic
content, the refractive index increased for the PDMS–TiO2 hybrid films (Figure 16). The Abbe number
decreased with increasing TiO2 content, showing increased dispersion in the visible region of the light
spectrum [14]. The hybrid films were flexible and stiff below and above approximately 5 vol % TiO2,
respectively. This observation was corroborated through dynamic mechanical analysis, where the
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shear storage moduli (G’) of the hybrid films were measured from 2 to 220 MPa at room temperature,
increasing the amount of titanium precursor. At high titania incorporation, the increased fractal
dimension as well as the low correlation length (2 nm) measured by SAXS may indicate percolation
(titania nanodomains are connected to each other throughout the material), which could explain the
drastic increase of G’.

Figure 15. UV-VIS spectra of PDMS–TiO2 hybrid films for different TIP/PDMS–OH molar ratios
(shown in the legend), using PDMS–OH precursors with viscosities of (a) 25; (b) 65; and (c) 750 cSt,
corresponding to average molar masses of 2100, 4000, and 20,000 g mol−1, respectively (calculated
based on experimental measurements from [85]). Reproduced with permission from Dalod et al.
Nanomaterials; published by MDPI, 2017.

Figure 16. Changes in the refractive indices for PDMS–TiO2 hybrid films for different TIP/PDMS–OH
molar ratios (shown in the legend), using PDMS–OH with viscosities of (a) 25 cSt; and (b) 65 cSt,
corresponding to average molar masses of 2100 and 4000 g mol−1, respectively (calculated based on
experimental measurements from [85]). Reproduced with permission from Dalod et al. Nanomaterials;
published by MDPI, 2017.

3.2.3. PDMS–SiO2 Nanocomposites by Swelling Techniques

While transition metal-based PDMS hybrids have attracted more interest in recent years due to
the possibility to expand their range of applications, silica has traditionally been used to reinforce
the mechanical properties of PDMS, particularly to increase the tensile strength, in most commercial
applications [2,76]. The swelling technique used for epoxy–SiO2 nanocomposites by Bauer et al. [54]
and Matějka et al. [55] is also often used for the synthesis of PDMS–SiO2 nanocomposites. Mark and
Pan [5] pioneered PDMS–SiO2 nanocomposites using a sol–gel procedure as early as 1982, with cured
PDMS films (from vinyl-terminated and hydroxy-terminated chains) being swollen in TEOS, followed
by addition of glacial acetic acid, water, and a phase-transfer catalyst ((n-Bu)4PBr). The hybrids were
then extracted in THF and dried under vacuum. The formation of SiO2 was found to be difficult in the
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absence of the catalyst. Stress–strain measurements revealed that the in situ prepared nanocomposites
showed increased toughness [5].

Yuan and Mark [77] applied a different double-swelling procedure, where the cured PDMS
films were swollen first in TEOS, and then in diethylamine (DEA) as a catalyst. This process was
repeated with a different concentration of DEA, resulting in bimodal particle distributions in the
nanocomposite. The particle size could be controlled by the concentration of the catalyst, as it affects
the rates of the hydrolysis and condensation reactions. TEM and SAXS measurements showed that
the SiO2 particles formed with a lower concentration of DEA were smaller (20–25 nm) than those
formed with a higher concentration of DEA (160 nm), which is expected based on the type of catalyst
used (DEA is basic, thereby favoring the condensation reactions more). The in situ approach also
resulted in improved dispersion quality, compared to a traditional blending with pre-synthesized SiO2

nanoparticles. Smaller filler particles imparted greater ultimate tensile strength to the nanocomposites,
although larger particles improved extensibility more significantly [77]. In addition, several hybrids
were prepared in situ with surface modified SiO2 using dimethyldiethoxysilane (DMDEOS) and
vinyl-terminated PDMS precursors. This approach allowed the nanocomposite to remain hydrophobic
despite the inclusion of hydrophilic SiO2 nanofillers. Breiner et al. [78] also showed that the particle
size of the SiO2 filler was dependent on the molecular weight (Mc) of the PDMS chains, with shorter
chains (low Mc) resulting in smaller particles due to possible constraining effects.

Dewimille et al. [76] also synthesized PDMS–SiO2 nanocomposites by swelling cured PDMS films
in TEOS, along with either dibutyltin diacetate (DBTDA) or dibutyltin dilaurate (DBTDL) as a catalyst.
Hybrid films were also prepared using DEA, similar to Yuan and Mark [77]. From the TEM images,
differences in the inorganic structures of the hybrids were observed depending on the type of catalyst
used. Particles generated using DEA were larger and more spherical than those generated by DBTDL.
SAXS measurements indicated that the DEA-catalyzed systems contained uniformly dense objects
with smooth surface fractal dimensions (Ds = 2), with the particle radius being calculated to around
15 nm (consistent with TEM images), while the tin-catalyzed systems contained more polymeric
inorganic structures instead. This is as expected, since DEA is a more basic catalyst than both DBTDA
and DBTDL.

Fragiadakis et al. [75,86] used the same procedure as Dewimille et al. [76] with DBTDA and
hydride-terminated PDMS and investigated the glass transition and molecular dynamics of the
hybrids. While Tg is not seen to be affected by the SiO2 content in PDMS, the shape of the step
up in heat capacity changes, which indicates contribution of the SiO2 in the high temperature side.
Thermally stimulated depolarization currents (TSDC) were used to characterize the glass transition
further, and for the hybrids containing SiO2 two different α relaxations were present (Figure 17). The
first was the primary relaxation associated with the glass transition of the amorphous bulk PDMS
(at a temperature which is in good agreement with the DSC measurements), and the second (αint in
Figure 17) was assigned to the α relaxation of the PDMS chains in an interfacial layer close to the
SiO2 [75,87]. The double structure of the α-relaxation was attributed to a gradual slowing down of
the chain mobility at the interface with the SiO2 nanoparticles. The range of this interfacial region
was calculated to be about 3 nm (based on the dielectric strengths of the two components of the
relaxation) [86]. Rajan et al. [79] investigated the optical properties of PDMS–SiO2 films prepared
using the swelling sol–gel approach with either DBTDL/DBTDA catalysts, or with ammonia. UV-VIS
transmittance spectra showed over 90% transparency for PDMS–SiO2 nanocomposites prepared with
the neutral catalysts. However, for nanocomposites prepared with ammonia, transparency was lower
(70% for 4 wt % SiO2) and the samples became opaque with higher SiO2 content (18.5 wt %). This may
be attributed to the larger colloidal particles or aggregates that formed under basic conditions during
the sol–gel process.
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Figure 17. Thermally stimulated depolarization currents (TSDC) thermogram for PDMS and
PDMS–SiO2 nanocomposites in the glass transition region. Reproduced with permission from
Fragiadakis et al. Polymer; published by Elsevier Ltd., 2005.

4. Alternative Methods for the In Situ Preparation of Nanocomposites

While this review has so far focused on nanocomposites based on the epoxy and PDMS systems to
demonstrate syntheses of SiO2 and transition metal oxide nanoparticles using the sol–gel method, the
method is versatile and can be applied to several other polymer systems. SiO2 and TiO2 nanoparticles
have been successfully synthesized and incorporated in, among other polymeric systems, poly(ethylene
oxide), polypropylene, polyimide, and polyaniline, using alkoxide precursors [88–93]. In addition,
the sol–gel method can also be combined with other techniques (e.g., electrospinning) to form different
structures, such as hybrid nanofibers [94]. The first part of Table 2 shows examples of the various
hybrid systems that have been prepared using sol–gel methods. In addition, several other techniques
and methods are used for miscellaneous polymer–inorganic nanocomposites. The second part of
Table 2 includes selected examples of such cases, where methods that are not based on the sol–gel
process are described briefly below to illustrate the chemistry behind the different procedures.

Balci et al. [95] prepared Si nanocrystal organic hybrid films using a single batch solution synthesis.
SiCl4 was reduced in a solution of potassium cyclopentadiene, and the resulting Si nanocrystals were
surface-terminated using either 1-octanol, oleic acid, acrylic acid, or ethylene glycol. The reaction
is based on potassium cyclopentadiene acting as a nucleophile towards the silyl halide, forming Si
clusters [96]. The following reaction of SiCl4 on the surface with OH groups of surface capping agent
produces HCl [97,98]. In the presence of HCl with excess -OH groups from surface termination groups,
H2O is formed [42]. In addition, a possible side reaction of the cyclopentadiene with the surface
termination groups can occur, such as the Diels–Alder reaction with acrylic acid, which results in
5-Norbornene-2-carboxylic acid [99]. The exact nature of the organic network is unknown, and it
is suspected that the network is formed by the polymerization of cyclopentadiene into dienophilic
oligomers, possibly including polysiloles from the Diels–Alder reaction [100]. Different surface
termination groups will have different resulting polymeric structures than the cyclopentadiene group,
which will also affect the size distribution of Si nanocrystals and optoelectronic properties of the hybrid
film. The mean size of the Si nanocrystals (2–10 nm) was dependent on the type of surface termination,
with acrylic acid and 1-octanol causing the largest mean sizes, and ethylene glycol causing the smallest
mean sizes. The hybrid films exhibited white light photoluminescence at room temperature when
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excited by UV light, which was stable after storage over six months. Ethylene glycol terminated Si
nanocrystals showed the largest red shift in photoluminescence.

Table 2. Selected examples of miscellaneous polymer–inorganic nanocomposites prepared using
various in situ synthesis procedures. The first part of the table shows nanocomposites prepared using
sol–gel techniques, and the second part shows nanocomposites prepared using other in situ approaches.

Polymer
Inorganic

Component
Inorganic
Precursor

Method Reference

Poly(ethylene oxide) SiO2 TEOS

Sol–gel

[88]

Polypropylene
TiO2 TBO [89,90]

SiO2
TEOS

[91]

Polyimide SiO2 [92]

Polysulfone TiO2 TBO [101]

Poly(vinyl-co-acetate) SiO2 TPO 1 [102]

Polyethylene-octene SiO2 Si(OH)4 [103]

Polyaniline SiO2 TEOS Combination of sol–gel and
in situ polymerization [93]

Poly(ethylene terephthalate)
ZnO ZA 2 Combination of sol–gel and

electrospinning [94]

SiO2 TEOS
Sol–gel

[104]

Nafion TiO2 TBO [105]

Unidentified 3 Si SiCl4 Solution-based reduction [95]

Polystyrene CdS CA 4 In situ precipitation [106]

Epoxy
TiO2 TBO Solvothermal synthesis [31]

SiO2 TEOS Reverse microemulsion [107]
1 Tetrapropoxysilane; 2 Zinc acetate dehydrate; 3 Polymerization of cyclopentadiene into dienophilic oligomers, and
possible polysilole, is suspected; 4 Cadmium acetate.

Du et al. [106] incorporated CdS nanoparticles in situ in polystyrene (PS), and showed that the
density and size of the CdS nanoparticles can be controlled by altering the sulfonate content in PS.
A higher sulfonate content resulted in smaller and more uniform nanoparticles. The microstructure
of the PS network, which includes clustering of ionic groups such as SO−

3 , was used to confine the
nanoparticles formed. The nanoparticles were synthesized by the reaction between S2− ions released
from the decomposition of thioacetamide (TAA) reacted with Cd2+ ions from the acetate.

Zhang et al. [31] applied an in situ solvothermal synthesis procedure for preparing epoxy–TiO2

nanocomposites, using GPTMS as a coupling agent and TBO as the TiO2 precursor. TBO, ethanol, HCl,
and GPTMS were added to DGEBA (preheated to 80 ◦C), and the homogeneous mixture was transferred
to an autoclave. The sealed vessel was then placed in an oven at 100 ◦C for 3 h. The autogenous
pressure inside the vessel increased beyond atmospheric pressure as the temperature is increased,
increasing the solubility and reactivity of the reactants, resulting in the hydrolysis and condensation
of the TBO. The nanocomposites showed high transparency (above 80% in the visible region of the
spectrum) and improved absorbance of UV light (300–420 nm), which increased with increasing
TiO2 content. The films also showed increased hydrophobicity (based on the contact angle with
water) when GPTMS was used, indicating successful crosslinks between the nanofiller surface and the
polymer chains.

Liu et al. [107] prepared epoxy–SiO2 nanocomposites using reverse (water in oil) microemulsions,
consisting of epoxy resin as the oil phase and an aqueous ammonia solution as the water phase.
TEOS was added to the prepared microemulsion and the in situ polymerization of TEOS within
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the water phase formed the nanoparticles. In this method, appropriate surfactants should be used
to stabilize the microemulsion and control the water solubilization in the oil phase (epoxy). Since
ammonia was used in the water phase, the condensation reaction of the TEOS will be catalyzed and
should form colloidal particles.

5. Prospects of In Situ Hybrid Materials

Hybrid materials are an attractive choice for applications in multiple areas due to the unique
combination of properties that can be achieved from the organic and inorganic components.
Proper selection of the polymeric matrix and the inorganic fillers (oxides, metals, sulphides, etc.), and
the synthesis routes and conditions can allow one to tailor these properties as required, and design
new materials and compounds. Earlier in this work, it has been shown how the in situ generation of
inorganic oxide nanoparticles or nanodomains can result in improvements in the mechanical properties
(tensile strength, Young’s modulus, storage modulus, ductility, etc.), the thermal properties (Tg and
thermal stability), as well as the optical properties (transparency and refractive index) for epoxy-
and PDMS-based nanocomposites. Several works have shown improvements in other areas as well,
such as the dielectric properties, where the nanocomposites were prepared using conventional ex
situ methods [18,53,108,109]. Since it is known that ex situ preparation techniques are not optimal for
achieving an agglomerate-free and homogeneous dispersion of particles, there is potential room for
improving these materials further, using in situ techniques to synthesize the nanocomposites.

Epoxy–SiO2 nanocomposites have been extensively investigated for applications in electrical
insulation, flame-retardant and anticorrosive coatings, encapsulation, adhesives, laminates, aerospace
parts, etc. [18,32,51]. Transition metal oxides (TiO2, Nb2O5, Ta2O5, ZrO2, etc.) in epoxy and PDMS
have also shown great potential for optical applications (since they can increase the refractive indices
for both polymers while maintaining the transparency), such as in lenses, transparent coatings, or
LED encapsulation [14]. TiO2 can also introduce photocatalytic properties to polymer materials and
improve resistance to UV degradation. A number of studies have also been carried out on PDMS-based
hybrids (with TiO2, CaO, and SiO2 as the inorganic component) for use as bioactive materials in the
human body to assist bone reparation and formation via apatite formation [33,110,111].

Other polymer nanocomposites can be used similarly in diverse applications. Table 3 shows
selected examples of such potential applications of different polymer–oxide nanocomposites.
Several polymers (e.g., Nafion, PVA, PVDF, polyimide, etc.) that are commonly applied as membranes
in high-temperature proton exchange membrane (PEM) fuel cells have shown improved properties
upon the inclusion of oxide fillers [3,112,113]. Improved cell performances have been observed for
these nanocomposite membranes at higher temperatures (110–120 ◦C) and lower relative humidity
(80–90%). The use of in situ sol–gel methods in the preparation of these nanocomposites, rather than
ex situ casting methods, has led to better dispersion of the nanoparticles and, consequently, a better
performance of the material [105]. PEG- and PEO-based nanocomposites may be applied as solid
electrolytes for Li–ion batteries, thanks to increased ionic conductivity and thermal stability [88,114].
Poly(ethylene terephthalate) (PET) with ZnO nanofibers prepared through a combination of sol–gel
and electrospinning has shown high luminescence capacity, enabling its use in photocatalysts, gas
sensors, light emitters, and solar cells [94]. Biopolymers (e.g., chitosan, alginate, etc.) can also be
combined with inorganic oxides to form nanocomposites that are used as biosensors and drug-delivery
agents [3,115].
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Table 3. Selected examples of applications and relevant features for several polymer–inorganic
oxide nanocomposites.

Application
Nanocomposite

System
Features Reference

Electrical insulation

Epoxy–SiO2
Epoxy–TiO2

Increased dielectric breakdown strength
Decreased complex permittivity

Increased Tg
Increased strength, toughness, ductility

[16,18,108,116–120]

PE 1–MgO
PE–Al2O3

Decreased DC conductivity
Increased dielectric breakdown strength

Decreased space charge accumulation
Decreased complex permittivity

[121–125]

PI 2–SiO2

Decreased electrical conductivity
Increased scratch hardness

Increased strength
[126]

Fuel cells

Nafion–TiO2
Nafion–SiO2

Increased water uptake
Decreased resistivity

Increased Tg
Increased degradation temperature

[105,127,128]

PVA 3–SiO2

Increased liquid retention
Increased proton conductivity
Higher ion-exchange capacity

[129,130]

PVDF 4–Al2O3

High proton conductivity
High thermal stability

Low methanol permeability
Increased water uptake

[131]

Coatings

Epoxy–SiO2

Increased flame retardance
High Tg

Good thermal stability
[132]

PDMS–TiO2–SiO2
Transparent and hydrophobic

Increased hardness [68]

Epoxy–SiO2
Epoxy–Fe2O3

Improved corrosion resistance
Increased Young’s modulus [133]

PDMS–PVA–ZnO
Decreased hydrophobicity

Reduced contamination by fluorescent
biomarkers in biosensors

[134]

Epoxy–PANI 5–ZnO Antifouling and antibacterial properties [135]

Bioactive materials

PDMS–CaO–
SiO2–TiO2

Increased Young’s modulus
High apatite-forming ability

High extensibility
High strength

[33,111]

PDMS–CaO–SiO2

High apatite-forming ability
Decreased release of silicon in body fluids
Mechanical properties analogous to those

of human cancellous bones

[110]

Solid electrolytes

PEO 6–SiO2
Increased Li+ transference number

Increased Tg
[88]

PEG–PU/PAN 7

with TiO2

Good thermal stability
Increased ionic conductivity [114]

Ultrafiltration PS8–TiO2

Increased hydrophilicity
Increased permeability

Increased Tg

[101]

Electromagnetic
interference

shielding (EMI)
PANI–SiO2

Increased EMI shielding effectiveness
Increased thermal stability [93]

1 Polyethylene; 2 Polyimide; 3 Poly(vinyl acetate); 4 Poly(vinylidene fluoride); 5 Polyaniline; 6 Poly(ethylene oxide);
7 Poly(ethylene glycol) –polyurethane/poly(acrylonitrile); 8 Polystyrene.
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6. Conclusions

The synthesis of inorganic oxide nanoparticles in situ directly in the polymer matrix is an
alternative approach to the preparation of polymer nanocomposites, contrary to nanocomposites
processed using traditional ex situ mixing techniques. The use of the sol–gel method in the in situ
approach has been shown to be robust and flexible, offering improved control over the morphology
of the inorganic structures formed and, therefore, the ability to tailor the properties for desired
applications. Perhaps the greatest advantage provided by the sol–gel method is the ability to form Class
II hybrid materials with an improved quality of dispersion of the inorganic components. Consequently,
improvements are observed in the optical, thermal, and mechanical properties of the nanocomposites,
which will broaden the scope of applications for these materials.

In the present review, an appraisal of the sol–gel method for the synthesis of SiO2 and MxOy

(where M is a transition metal) nanoparticles in epoxy- and PDMS-based nanocomposites, respectively,
has been performed. The nanoparticles are formed via the hydrolysis and subsequent condensation
of metal alkoxide precursors inside the monomer resins, followed by the curing of the resins to form
the nanocomposite. For the epoxy nanocomposites, the use of surface functionalization (e.g., SCAs
or ILs), acid catalysts (e.g., TSA, DBTDL), higher synthesis temperatures, and a two-step procedure
with pre-hydrolyzed TEOS have all contributed to smaller and more open nano-SiO2 structures, with
reduced agglomeration and a bicontinuous phase morphology in the nanocomposites. These changes
in the structure of the inorganic domains have led to increases in the glass transition temperature,
the thermal stability, the mechanical strength, and the storage modulus, and a decrease in the loss
factor. For the PDMS nanocomposites, due to the increased reactivity of the transition metal alkoxide
precursors, the use of complexing agents (e.g., EAcAc), or an appropriate solvent (e.g., isopropanol)
is significant in preventing phase separation or the formation of colloidal MO2. The formation of
MO2-like nanodomains that are crosslinked with PDMS chains resulted in increased light transmittance,
UV absorbance, refractive index, tensile strength, and shear storage modulus in the nanocomposites.

While several alternatives exist for synthesizing inorganic oxide nanoparticles in situ in the
polymer, none are more ubiquitous than the sol–gel method, which is applied not only for the two
polymer systems focused on in this review, but also for various other polymer–inorganic oxide
nanocomposites. The improvements in the properties observed for these hybrid materials make them
attractive choices for application in coatings, packaging materials, nanodielectrics, optical devices, and
photovoltaics. The next step in the development of these nanocomposites will be to adapt the in situ
methods to enable fabrication of the materials at a larger and economic scale, making the leap from the
laboratory to the industry.
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nanocomposite interphase control using task-specific ionic liquids via hydrolytic and non-hydrolytic sol–gel
processes. RSC Adv. 2015, 5, 91330–91339. [CrossRef]
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Abstract: Mechanical failure in epoxy polymer and composites leads them to commonly be referred
to as inherently brittle due to the presence of polymerization-induced microcrack and microvoids,
which are barriers to high-performance applications, e.g., in aerospace structures. Numerous studies
have been carried out on epoxy’s strengthening and toughening via nanomaterial reinforcement,
e.g., using rubber nanoparticles in the epoxy matrix of new composite aircraft. However, extremely
cautious process and functionalization steps must be taken in order to achieve high-quality dispersion
and bonding, the development of which is not keeping pace with large structures applications.
In this article, we report our studies on the mechanical performance of an epoxy polymer reinforced
with graphite carbon nanoparticles (CNPs), and the possible effects arising from a straightforward,
rapid stir-mixing technique. The CNPs were embedded in a low viscosity epoxy resin, with the
CNP weight percentage (wt %) being varied between 1% and 5%. Simplified stirring embedment
was selected in the interests of industrial process facilitation, and functionalization was avoided to
reduce the number of parameters involved in the study. Embedment conditions and timing were held
constant for all wt %. The CNP filled epoxy resin was then injected into an aluminum mold and cured
under vacuum conditions at 80 ◦C for 12 h. A series of test specimens were then extracted from the
mold, and tested under uniaxial quasi-static tension, compression, and nanoindentation. Elementary
mechanical properties including failure strain, hardness, strength, and modulus were measured.
The mechanical performance was improved by the incorporation of 1 and 2 wt % of CNP but was
degraded by 5 wt % CNP, mainly attributed to the morphological change, including re-agglomeration,
with the increasing CNP wt %. This change strongly correlated with the mechanical response in the
presence of CNP, and was the major governing mechanism leading to both mechanical improvement
and degradation.

Keywords: polymers; composites; carbon nanoparticles

1. Introduction

Polymer-based particulate nanocomposites prepared using particulates with small aspect ratios
represent one of the emerging classes of composite materials [1–10]. Mechanical properties of
nanocomposite materials such as toughness, stiffness, and strength are significantly affected by
the interface adhesion amongst the particle and polymer matrix, size/shape of the particle, and its
loading [11–15]. These properties are of priority to the main structural analysis [16–18]. Different
techniques and manufacturing processes for particulate polymer composites are reviewed in several
publications and reports, such as a comprehensive study for calcium carbonate (CaCO3) in [9] and
for a number of 2D and 3D layered nanostructures in [19,20] or for dielectric heating purposes [21].
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Enhancements in different mechanical properties have been addressed in [9] with the addition of a few
weight percentage (wt %) of carbon nanomaterials, e.g., carbon nanotubes, because in thermosetting
resins inorganic particles were found to be imperative fillers/reinforcement. It is well-known that
with the incorporation of micro/nano-particles, Young’s modulus can be enhanced because the rigid
inorganic particles commonly exhibit higher stiffness in comparison to the polymer matrices. However,
the quality of the bond between nanoparticle and polymer has been proven to play a significant
part in the structural strength [9], i.e., interface adhesion among the reinforcing particle–polymer
matrix and content of the particle (i.e., loading) are the two most imperative aspects affecting the
mechanical properties.

However, a substantial reduction in the fracture toughness of thermoplastic polymers reinforced
with rigid particulates in comparison to the as-received polymers has been reported [22]. On the
other hand, some studies have also reported on the increment in toughness of thermoplastics such
as polypropylene/polyethylene with the incorporation of rigid particles in [4,6]. An increase in
impact toughness has also been described in the composites of polyethylene reinforced with CaCO3

particles [4,6,8]. According to [4], nanoparticle incorporation into the polymers results in greater
rigidity as well as better yield strength. It has been reported that reinforcement of polypropylene
with calcium carbonate particles imparts good strength to the resulting composites at a particular
loading. It has also been shown by several authors that the modulus is not affected to a large degree
in studies where the mean particle diameter was greater than 100 nm [3,9,23]. These studies were
focused on silica/epoxy, aluminum hydroxide filled polypropylene, CaCO3-filled polybenzoxazine,
aluminum particle/polyester, and organo-soluble polyimide/silica material systems. Conversely,
when the particle size is reduced below 100 nm, there is a clear correlation between particle size and
the modulus. Polypropylene/CaCO3 composites containing smaller nanoparticles (21 nm) were shown
to exhibit a higher Young’s modulus in comparison to the nanoparticles with larger size (39 nm) [2],
having characterized the nanoparticles using X-ray diffraction. Thus, it’s been suggested that above
a critical particle size, no further degrading effect on the modulus of the prepared composites takes
place. Furthermore, the magnitude of the critical particle size has been found to be dependent on
the type of particle/reinforcement polymer matrix as well as particle/polymer matrix adhesion [24].
In contrast to the effective particle size, treatment for the purpose of increasing the particle-polymer
interfacial adhesion exhibits a lesser or negligible effect on the mechanical stiffness. For particulate
reinforcement/particle loading (i.e., volume fraction) the composite strength has been found to
increase with a decrease in particle size [25], as smaller particles increase the total interfacial surface
area. In an interesting work, the effect of the size of the reinforcing particle on the strength of PA6/silica
nanocomposites with mean sizes of 12, 25, and 50 nm in [26] was studied and it has been shown
that with the incorporation of particles, an increase in strength is observed. In fact, the adhesion
quality between the polymer matrix and the reinforcement affects the overall composite strength and
toughness. The toughness is also affected by the size of the particle, interfacial adhesion, and particle
content level. It is expected that in a ductile medium (e.g., thermoplastics), the inclusion of fillers
increases the brittleness of composite if there is limited/no interfacial adhesion. In case of polymer
matrices having brittle characteristics (e.g., thermoset epoxy), a reverse phenomenon is expected to
occur as the particles introduce a crack arrest mechanism to the brittle medium, thus considerably
reducing the brittleness. Moreover, micro-cavitation and micro-debonding can easily occur in such
a medium during composite manufacturing or mechanical loading and cracks can coalesce.

Generally speaking, the bond equality is often attributed to process control parameters such as
ultrasonication, dispersion, surface functionalization, treatment and mixing techniques. Control over
numerous parameters may become an efficiency challenge (in terms of adding extra time and cost)
for industrial applications, and as such, industries tend to follow straightforward mixing processes.
Also, design against brittle failure (the case of epoxy polymers; this study) in nanocomposites is of
critical importance. In a given bulk polymer material, the transition from a brittle to a ductile fracture
is significant as the fracture behavior is considerably affected by the internal/external conditions.
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Thermoset epoxies are intensely used in structural applications despite the fact their brittleness
has necessitated the incorporation of inclusions, e.g., particulate fillers. In the toughness study of
nano-filled polymers, plane strain and plane stress driven cracks are superimposed to determine the
impact of the incorporation on the modification of the polymer’s bulk properties, meaning that if, in the
nano-filled polymer, regions with plane stress driven fracture are provoked within the space between
nanoparticles, the polymer will tend to yield longer. Thereby, a macroscopic brittle matrix filled by
nanoparticles may display localized plastic deformation [27–29]. Accordingly, incorporation of carbon
nanoparticles in polymers reduces the polymer resistance to plastic deformation by allowing cavitation
and debonding prior to plastic flow. Thus, for a carbon nanoparticle (CNP) filled epoxy, the strength
depends on the effective stress transfer among the reinforcing particle and polymer. This is driven
by adhesion and therefore geometry-related morphological features can become highly influential.
On the other hand, nano-composite stiffness depends on the particle content, not the adhesion. This is
attributed to a significantly greater modulus of the particles than the polymer matrix [30]. In this
paper, the mechanical response of the bulk of CNP filled epoxy has been studied by focusing on the
effects of morphological variation with increasing CNP content. The epoxy has been chosen as the
matrix because of its superior mechanical properties; resistance to stresses (e.g., thermal), low viscosity
which facilitates the dispersion of reinforcement; low shrinkage, improved adhesion to the targeted
substrate, and degradation over time to name only a few [14,17,29]. The study has been performed in
two micro- and macro-scales: Bulk and CNP reinforced specimens were manufactured and exposed to
tension, compression, and nanoindentation. As the CNP loading content plays a significant role in the
determination of the bulk response, mechanical properties (modulus, hardness, strength, and failure
strain) were studied with the variation of CNP wt %.

2. Materials and Methods

2.1. Epoxy Resin

The epoxy matrix composite was prepared by first mixing a low viscosity epoxy precursor
(Epoxy equivalent weight 117–133 g/eq), with Methyl nadic anhydride (MNA) that acts as a hardener
with 2-Dodecenyl succinic anhydride (DDSA). Since the viscosity of the various ingredients differs,
it is imperative to mix all the ingredients thoroughly. The mix bundle was stirred for a few hours
before adding the curing agent. The epoxy precursor, hardeners, and curing agent were supplied
by Sigma-Aldrich, Dorset, UK. 2,4,6-Tri (dimethyl aminomethyl) phenol (DMP-30) was used as the
curing agent in this work. According to the epoxy specifications, the viscosity reached 60 cps which
is approximately 10 % of the viscosity of conventional resins for composite applications and thus
facilitated the CNP incorporation.

The final epoxy mixture was gently injected to molds suitable for the test stages (tensile,
compression, and nano-indentation) and was cured at 80 ◦C for 12 h in a conventional vacuum-assisted
heating oven. Higher temperature curing was not used to avoid any possible drawback on the
CNP-epoxy interfaces, e.g., the interfacial pre-existing dis-bond due to thermally-induced residual
stresses. As per our differential scanning calorimetry (DSC) investigation, the Tg (glass transition
temperature) for the final mixture was 77 ◦C.

2.2. Release Agent

The high-performance solvent-free polymer release agent, Zyvax®Watershield, was applied to
the mold surfaces three times for easy mold release. Each time the agent was allowed to dry out on the
surfaces for 30 min. The mold was then closed, and the final mixture was injected.

2.3. Curing Agent

A proportion of 1.5–2.0% of DPM-30 was added to the mixture shortly after CNPs were added
and stirred for 12 h at room temperature (RT). The 1.5–2% DPM-30 enhances the strength and adds
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brittleness to the final mixture according to the supplier’s specifications. The temperature of the mixture
was not increased before adding the curing agent in order to ensure a slower rate of cross-linking.
The final mixture with the CNPs was then stirred under vacuum conditions using a Schlenk line
at RT with a magnetic stirrer. The mixture was de-gassed after adding the curing agent, at <5 kPa
(0.05 atmospheres).

2.4. Adding Nanoparticle to the Epoxy Mixture

Simple short-step processing methods are highly important for industrial applications as they
benefit mass production. A simple mixing method is suggested herein: The epoxy mixture was heated
up to 100 ◦C before the CNPs were added. Heating provides a mixture with a relatively low viscosity
that leads to a good CNP dispersion [22]. CNPs, supplied by Sigma-Aldrich with an average size of
50–100 nm (molecular weight of 12.01 g/mol), were then directly added to the mixture, according to the
direct addition procedure in [31]. The mixture of the nanoparticles and the epoxy/curing agent bundle
was stirred under vacuum conditions, and then allowed to cure after injecting into the mold under
1 kPa (<0.01 atmosphere) vacuum conditions in a vacuum-assisted oven. It has also been shown that
the CNP clusters can easily disperse in a low polar epoxy matrix, resulting in a stable dispersion [31].
According to [20,32], one of the current approaches for exfoliation is the exposure of a layered material
ultrasonic waves. However, it has further been discussed in [20] that the ultrasonication process
(in surfactant/polymer solutions) contributes to the electrostatically/sterically stabilized graphene
nanosheets in a solvent. In our heated low viscosity epoxy resin, a well dispersed CNP was expected.
Our testing data, to be presented in the following sections, also exhibit consistent trends obtained from
nanoindentation and macro-scale mechanical testing, which represent well-dispersed CNPs in the
epoxy. Note that re-agglomeration post-stirring was observed; however, due to the comparative nature
of this study and the focus on morphological features, it was considered as a constant parameter for
all samples.

Based on preliminary trials, the following 30-h procedure (eight stages), detailed in Table 1,
was used for the development of a well-dispersed less-agglomerated CNP filled epoxy. The time
between stages 4 and 5 can be reduced depending on how long it takes to achieve a satisfactory
viscosity for injection purposes.

Table 1. Carbon nanoparticles (CNP) embedment procedure.

Stage
Time

(*hh:mm)
Stage Description

1 00:00 One hour stirring epoxy (13 mL), DDSA (8 mL), and MNA (7 mL) at RT

2 01:00
Increase the epoxy mixture temperature to 100 ◦C

Add CNPs
Stir the CNP-epoxy mixture at 100 ◦C for 20 min

3 01:20 Turn off heating
Continue stirring for 2 h at **RT under vacuum condition

4 03:20 Add curing agent DMP-30 (2 mL = 15 drops) at RT
Stir for 21 h under vacuum conditions using a Schlenk line

5 15:20 Inject the mixture into the mold
6 16:00 Cure the molded mixture using vacuum assisted oven at 80 ◦C
7 28:00 Take out the mold and let cool down for an hour
8 29:00 Open the mold and take out the specimen

*hh:hour, mm: minute, **DDSA: Dodecenylsuccinic anhydride, MNA: Methyl nadic anhydride, ***RT:
room temperature.

2.5. Injection Molding of CNP Filled Epoxy

A mixture of approximately 30 mL epoxy was injected into an aluminum mold. The mold was
cleaned using acetone, and dried using compressed air. A Zyvax®liquid sealer was first applied to
protect the mold from micro-porosity, followed by application of the Watershield release agent onto

161



Polymers 2018, 10, 1106

the mold surfaces. Watershield was applied two or three times and was allowed to dry each time for
30 min. The CNP-epoxy mixture was then injected.

2.6. Test Specimens

Three sets of test specimens were extracted from the mold as shown in Figure 1. Tensile specimens
(Ø10 mm), compressive specimens (Ø20 mm), leftover material for nanoindentation and SEM
investigation. Figure 1 shows the 1 wt % CNP filled epoxy and as-received specimens extracted
from the injection mold. Arrows show the direction of uniaxial loads applied using a Tinius-Olsen
benchtop machine (Tinius-Olsen, Salfords, UK).

 

Figure 1. Cylindrical tension, compression and Nanoindentation test specimens extracted from the
mold (all dimensions in mm; arrows show loading direction) from CNP filled epoxy composite.

3. Results and Discussion

Initial investigations on the morphology and dispersion of the CNPs in cured specimens were
carried out before the mechanical testing.

3.1. Morphology and Composition

A typical site of 2 and 5 wt % CNP filled epoxy specimens is presented in Figure 2. Both samples
were gold coated (20 mA, one-round coating) to facilitate electron discharge from the surface of the
specimen. The CNPs are observed, mostly, as rod shape fillers dispersed in epoxy, with sizes ranging
from 5 to 30 microns, and the two specimens differ in terms of dispersion density.

To ensure the presence of the CNPs observed in the SEM images, a quick survey of the composition
was carried out in-situ using the energy dispersive X-ray spectroscopy (EDS) instrument in conjunction
with the SEM. EDS data is shown in Figure 3 from three regions of the 5 wt % CNP filled epoxy: Region
1 over an area with no rods, and Regions 2 and 3 over two randomly picked rods. EDS data clearly
show the presence of chlorine and Si at the same content level for all regions. The presence of Al is due
to the use of the polishing suspension during the preparation of the specimens for SEM. The EDS data
from Regions 2 and 3, i.e., rods, show a higher content of carbon and oxygen compared to Region 1.
This implies that the observed rods are made of CNP.
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100 micron100 micron

Figure 2. SEM images of (a) 2 wt % and (b) 5 wt % CNP filled epoxy specimens, showing relatively
long rod shape nanoclusters in 2 wt % specimens (~20 micron long) as opposed to relatively short and
agglomerated nanoclusters in 5 wt % specimens (~10 micron long).

Figure 3. EDS data from 5 wt % CNP filled epoxy, depicting correct identification of rod shape CNP
nanoclusters at Regions 2 and 3; (a) SEM image, (b) EDS data.

3.2. 3D Dispersion

The SEM images presented a CNP dispersion with a 2D architecture. Using the phase contrast
imaging capabilities of the advanced computed tomography system, VersaXRM-500 (Xradia, CA, USA)
using a high-energy X-ray source (80 kV), high-resolution 3D images of the internal morphology of
the nanoparticle embedded epoxy were captured. Impurities such as nanoparticles are observed in
yellow (bright spots in black and white), as shown in Figure 4, which show dispersion in 1 wt % CNP
embedded epoxy at the center of the specimen, a cylindrical region of Ø2 mm × 2 mm. Voids and air
traps appear as dark spots. This indicates a well-dispersed CNP-epoxy structure, achieved through the
vacuum-assisted embedment procedure described in Table 1. The primary investigations show that the
maximum CNP cluster size is varied between 1–60 microns. The image also indicates a distinct lack of
significant air pockets post-cure, a sign of the efficient use of vacuum-assisted injection. Moreover,
they show large discrepancies in the size of CNPs for 1 wt % specimens, while small discrepancies for
5 wt % specimen are shown.
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Figure 4. 3D X-ray computed tomography of 1 and 5 wt % CNP embedded epoxy (yellow spots
represent CNPs as nanoclusters) at the center of test specimens covering a cylindrical region of
Ø2 mm × 2 mm; results for 1 wt % specimens show large discrepancies in the size of CNPs while small
discrepancies for 5 wt % specimen.

3.3. Mechanical Testing

3.3.1. Nanoindentation

The nanoindentation experiments were performed using a Nano Indenter G200 supplied by
Agilent Technologies (Keysight Technologies, Wokingham, UK). The G200 uses a Nano-Mechanical
Actuating Transducer (NMAT) to apply loads and measure displacements during nanoindentation
tests. The load is controlled by electromagnetic actuation and the displacement is measured using
a capacitance gauge. In order to characterize the specimens, indentation experiments were carried
out on the specimens using the dynamic continuous stiffness measurement technique. This technique
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allows for continuous measurement of the contact stiffness through the indentation loading. A strain
rate target of 0.05/s and a maximum depth of 5 μm was assigned to the indentations, and a Berkovich
indenter pyramid tip was used. A total of 20 indentations were carried out randomly over the surface
of each sample. Figure 5 shows the modulus and hardness results for the as-received epoxy sample.
The results are reasonably consistent with depth for very low scattered data. Averaging the results from
the depth of 1 to 5 μm gave mean modulus and hardness values of 3.3 ± 0.01 GPa and 160 ± 5 MPa
for the as-received epoxy, respectively.

Figure 5. Nanoindentation data of as-received (0 wt % CNP) epoxy; (a) variation of hardness with depth
showing steady hardness after 1 micron indentation with average hardness of 160 ± 5 MPa, (b) variation
of modulus with depth showing steady modulus after 1 micron indentation with an average modulus
of 3.3 ± 0.01 GPa.

Figure 6 presents the modulus and hardness for the epoxy embedded by 1 wt % CNP. The data for
this specimen are very similar to the as-received epoxy with only a slight increase in the mean modulus
(3.4 ± 0.2 GPa) and hardness (180 ± 10 MPa), a 3% and 12.5% increase, respectively. This increase is
likely due to the presence of CNPs and nanoindentation targeting CNP clusters within two outliers
which have been highlighted on the curves. Micrographs of the indentation sites for the outliers 1 and
2 are shown in Figure 7. It is clear that the indentation was carried out very close to what appears
to be a large cluster of nanoparticles. The indentation properties for outliner 2 gradually reach the
maximum levels at larger indentation depths compared to those of outliner 1, likely due to the presence
of a cluster underneath the indenter (not visible in Figure 7). Note that this increase is gradual, and not
rapid as it is for the case of fiber-reinforced composites where the indenter comes into contact with
fibers in a densely distributed fibrous matrix (see, e.g., [33]). This is expected for the case of 1 wt %
and is a sign of a low constraining effect of surrounding nanoparticles as the dispersion density shown
in Figure 7 is relatively low.
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Figure 6. Nanoindentation data of 1 wt % CNP filled epoxy; (a) variation of hardness with depth
showing non-steady hardness at or near CNPs (outliers 1 and 2 in Figure 7) with an average hardness
of 180 ± 10 MPa, (b) variation of modulus with depth showing non-steady modulus at or near CNPs
(outliers 1 and 2 in Figure 7) with average modulus of 3.4 ± 0.2 GPa.

 

Figure 7. Micrographs of the indentation site of 1 wt % CNP filled epoxy for outliers 1 and 2 in Figure 6,
representing indentation at or near CNP clusters.

The modulus and hardness results for 2 wt % CNP filled epoxy are presented in Figure 8, giving
mean modulus and hardness values of 3.6 ± 0.3 GPa and 180 ± 20 MPa, respectively. The 2 wt %
inclusion of CNP improves the hardness of the as-received epoxy by 12.5%, while the modulus is
increased by 8% compared to the as-received epoxy. This is higher than the increase obtained in the
1 wt % inclusion and is thought to be due to the presence of relatively higher CNPs compared to the
1 wt % specimens.

The morphology of the indentation site is provided in Figure 9. As shown, the clusters are densely
distributed for this case, as opposed to the 1 wt % case shown in Figure 7, and the agglomeration and
shape of the CNP clusters are also different. The figure indicates that a combination of round and
rod shape CNPs occurred during the embedment and curing procedure. The rod shape CNPs were
formerly observed in the SEM images of the 2 and 5 wt % specimens, see Figure 2.
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Figure 8. Nanoindentation data of 2 wt % CNP filled epoxy; (a) variation of hardness with depth
showing non-steady hardness at or near CNPs with average hardness of 180 ± 20 MPa, (b) variation of
modulus with depth showing non-steady modulus at or near CNPs (Figure 9) with average modulus
of 3.6 ± 0.3 GPa.

  

Figure 9. Micrographs of the indentation site of 2 wt % CNP filled epoxy, representing indentation at
or near CNP clusters.

Figure 10 presents the modulus and hardness for the epoxy incorporated by 5 wt % CNP showing
highly scattered data obtained from the 20 randomly distributed nanoindentation data. Mean modulus
and hardness values are 3.4 ± 0.2 GPa and 120 ± 6 MPa, respectively. Compared to the 1 and 2 wt %
cases, shown in Figures 6 and 8, no apparent improvement in mean modulus and an apparent
reduction in mean hardness is observed. This can be attributed to the morphology and dispersion
of CNP. A morphological scan of the indentation site presented in Figure 11 shows that rod-shaped
CNPs are presented in greater quantities in the 5 wt % specimen than the 2 wt % one. This introduces
a higher stress concentration to the epoxy medium, and therefore results in relatively lower strength
observed in the indentation tests.

Micromechanically, stress concentration is higher surrounding a rod-shaped particle as opposed to
the concentration surrounding round or elliptical particles, which will lead to a higher stress gradient
upon external loading (e.g., compression or tension). Such a stress concentration effect rising from
morphological variations from 1 to 5 wt % should have a downgrading effect on relatively large
specimens. Further details are provided in Section 3.3.2.

In contrast to the gradual increase seen in the modulus of the 1 wt % case, see Figure 6b, a rapid
increase has been observed for several indentations for the 5 wt % case as shown in Figure 10c,
and therefore can be inferred as the presence of a higher constraining effect of CNPs in the 5 wt % case.
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The indentation and SEM results appear to indicate that the CNPs were not very evenly distributed
throughout the material in the scale captured by the nanoindentation (0.2 mm × 0.15 mm); however,
based on the 3D X-ray CT data presented in Figure 4, the dispersion is reasonably uniform over
a region of 2 mm × 2 mm (covering larger than 100 times the area that the SEM and indentation cover),
and considered acceptable for further analysis on a structural scale, i.e., tensile and compressive tests.

Figure 10. Nanoindentation data of 5 wt % CNP filled epoxy; (a) variation of hardness with depth
showing steady hardness at or near CNPs (Figure 11) with average hardness of 120 ± 6 MPa,
(b) variation of modulus with depth showing steady and scattered modulus at or near CNPs (Figure 11)
with average modulus of 3.4 ± 0.2 GPa, (c) magnified view of dashed-line region from subfigure (b).

  

Figure 11. Micrographs of two indentation sites of 5 wt % CNP filled epoxy, representing indentation
at or near CNP clusters.
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3.3.2. Tension and Compression Test Data

Nanoindentation tests help to realize the local mechanical response of CNPs at the micro-scale,
especially surrounding CNPs, in relation to the morphologies that appear in the SEM images.
Mechanical testing at the macro-scale using laboratory-scale specimens is required to obtain the
properties when numerous CNPs are present. The tension and compression specimens shown in
Figure 1 were tested using the uniaxial Tinius testing machine. Both types exhibited a linear elastic
behavior until they reach their yield strength point. Young’s modulus was obtained from the slope of
the linear elastic part of the strain-stress data. The stress values in the tension specimens did not reach
the yield point as they failed prematurely at the grip corners, see Figure 1, due to stress concentration,
not in the central region. Compression tests were successfully carried out to the point of the ultimate
failure and clearly showed the softening and hardening region. Figure 12 presents compression data in
the form of force-displacement and stress-strain curves.

For the red dotted lines (0 wt %; as-received epoxy), the discrepancy was the highest between the
two testing data immediately after the maximum load and stress were reached. This is attributed to the
inherent toughness sensitivity (introduction of microcracks) of epoxy (and not yielding or maximum
stresses) to variabilities associated with process parameters control, i.e., uncertainties. Data for the
as-received and filled epoxies show a slight improvement in the compressive strength when 1 wt %
is incorporated (S_(1 wt %) = 79.86 MPa, S_(0 wt %) = 79.84 MPa). An apparent increase is obtained
from 2 wt % CNP inclusion (S_(1 wt %) = 91.13 MPa). This increasing trend is reversed when 5 wt %
CNP is incorporated (S_(1 wt %) = 69.40 MPa). The reduction for the 5 wt % is consistent with the
tensile and compressive modulus (presented in Table 2) and with the indentation data, see Figure 10.
The presence of a relatively high quantity of rod fillers should increase the surface interaction between
epoxy and CNPs and thus increase the strength by increasing the sectional area of the interaction
surfaces. This expected trend is apparent for the 1 and 2 wt % cases. However, it is degraded in the
5 wt % case, most probably due to the shape of the fillers which imposes a stress concentration at the
relatively sharp ends of the fillers, and causes high stress gradients transferring to the surrounding
epoxy. This phenomenon is apparent in the SEM images from the tested samples, see Figure 13. Arrows
in Figure 13 identify the compression loading direction (vertical) which creates a tilted angle with the
direction of microcrack coalescence, an indication of brittle fracture behavior normally occurring in
a thermosetting polymer matrix. Therefore, a bi-axial positive deformation occurs across the surface
perpendicular to the compression direction and in out-of-plane directions, mainly due to the principle
of incompressibility in solid bodies. The deformation in the direction of the applied compression is
expectedly negative. According to the SEM images, the stress concentration surrounding nanoparticles
causes damage initiation in the brittle medium of the epoxy that propagates in the principle shear
plane tilted from the loading direction in the epoxy as the weaker medium. This behavior is the same
in the presence of all wt %. However, its effect is more influential in the 5 wt % sample as microcracks
occurring surrounding the CNPs are denser and require a lower strain energy to coalesce which leads
to macro-cracks and therefore, lower strength compared to the 1 and 2 wt % samples.

The tension and compression test data are summarized in Table 2. The modulus and hardness
data from nanoindentation tests are also tabulated for comparison. The increasing trend is seen for
all properties with an increasing wt % from 0 to 2. The table also shows a degradation trend for all
properties from 2 to 5 wt %. Compressive failure strain at which the compressive strength is reached
is approximately identical for all specimens (average 11.47%), except for the 2 wt % case where the
failure strain slightly increases to 14%.
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Figure 12. Variation of mechanical response to compression with CNP wt % depicting the maximum
threshold at load carrying capacity and maximum stress; (a) force versus displacement, (b) stress
versus strain.

Table 2. Variation of mechanical test data with increasing CNP wt %.

CNP wt %
Tensile

Modulus, GPa
Compressive

Modulus, GPa

Nanoindentation
Compressive

Modulus, GPa

Compressive
Strength, MPa

Nanoindention
Hardness, MPa

Failure Strain,
%

0 1.18 0.99 3.3 79.84 160 11.55
1 1.21 (+3%) 0.99 (<1%) 3.4 (+3%) 79.86 (<1%) 180 (+13%) 12.15 (+5%)
2 1.24 (+5%) 1.03 (+4%) 3.6 (+9%) 91.13 (+14%) 180 (+13%) 14.00 (+21%)
5 0.83 (−30%) 0.84 (−15%) 3.4 (+3%) 69.40 (−13%) 120 (−25%) 11.10 (−4%)

 

  

(a) 

(b) (c) 

Figure 13. Stress concentration induced microcracks surrounding CNPs in specimens under
compression loading; (a) microcrack coalesce over a region of 1000 × 700 microns (arrows represent
the direction of the compressive load), (b,c) magnified images of microcracks over regions of
80 × 60 microns.
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4. Conclusions

The mechanical performance of the CNP filled epoxy was studied in this work. CNP weight
percentage was varied between 1% and 5%, and their mechanical properties were derived on
a laboratory-scale under tension and compression, and in micro-scale using nanoindentation.
A simple embedment procedure was suggested and was applied for all specimens during processing.
All data exhibited an increasing trend in the properties with an increasing CNP content to 2 wt %,
and a significant degradation for the 5 wt % incorporation. Studies of the morphological change
showed densely dispersed rod CNPs in the 5 wt % specimen, which is believed to be the dominant
mechanism for mechanical degradation in the specimen. The effect of loading on re-agglomeration
was not studied in this paper. However, it is well-known that the mixing time has a significant effect
on the final architecture of the nanoparticles in the cured epoxy. The results for the 2 wt % CNP were
promising and showed considerable improvements in all the basic properties. The significant increase
in the compressive failure strain for this case (21%) also suggests improvements in energy absorption
behavior of the epoxy in the presence of 2 wt % CNP. During the examinations, the materials and
embedment procedure were constant. Therefore, adhesion properties can be assumed to be identical
for all specimens. Thus, the noted improvement with the 2 wt % CNP can be assumed to be due to the
smooth stress transfer between the nanoparticle and epoxy constituents.
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Abstract: Graphene (G) and its derivatives, graphene oxide (GO) and reduced graphene oxide
(rGO) have enormous potential for energy applications owing to their 2D structure, large specific
surface area, high electrical and thermal conductivity, optical transparency, and huge mechanical
strength combined with inherent flexibility. The combination of G-based materials with
polymers leads to new nanocomposites with enhanced structural and functional properties due
to synergistic effects. This review briefly summarizes recent progress in the development of G/polymer
nanocomposites for use in polymer solar cells (PSCs). These nanocomposites have been explored as
transparent conducting electrodes (TCEs), active layers (ALs) and interfacial layers (IFLs) of PSCs.
Photovoltaic parameters, such as the open-circuit voltage (Voc), short-circuit current density (Jsc),
fill factor (FF) and power-conversion efficiency (PCE) are compared for different device structures.
Finally, future perspectives are discussed.

Keywords: nanocomposite; conductive polymer; solar cell; graphene; graphene oxide; power-conversion
efficiency; electrode; active layer; interfacial layer

1. Introduction

Organic solar cells (OSCs) have received a lot of attention from both academia and industry in the
last three decades since they exhibit important advantages compared to silicon-based devices such
as their lightweight nature, flexibility, lower processing costs and lower environmental impact [1,2].
Furthermore, the active layers can be deposited through solution-based methods like spin-coating or
printing, which allow massive device fabrication at low temperatures and, consequently, reduce device
cost. OSCs are made of electron donor and electron acceptor materials. The material that absorbs the
photons from the solar radiation is the donor, in which excited states (or excitons) are created and
confined. An exciton is an electron-hole pair bound together by electrostatic interactions, which can be
separated into free electron-hole pairs by effective electric fields. The material acquiring the electrons
from the dissociated electron-hole pairs is the acceptor.

According to the chemical structures of the active layer components, in particular the electron
donor (p-type) semiconductors, OSCs can be further separated into two groups: polymer solar
cells (PSCs) and small molecule solar cells. PSCs can also be transparent, which is of value for
applications in windows, walls, flexible electronics, and so forth. Their main disadvantages are their
low power-conversion efficiency (PCE) and photochemical degradation [3].
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PSCs are typically made of an indium tin oxide (ITO) conductive glass followed by
a poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS) hole-transporting layer,
an active layer (i.e., PBDTTT and PCBM), an electron transport layer (i.e., LiF) and, finally, a low
work-function metal electrode like Al (Scheme 1). Conversely, in an inverted device, ITO with a buffer
layer such as TiOx and ZnO is frequently used as the cathode electrode, and the anode is a high
work-function metal like Ag or Au with a hole-transporting layer, i.e., PEDOT:PSS [4].

The nature and order of the layers as well as the nature of the metal electrode play a key role
in the performance of the PSC device, hence on its PCE [5]. A bulk heterojunction (BHJ) structure
is the most successful PSC architecture formed by blending an electron-rich conjugated polymer as
donor and an electron-deficient fullerene as acceptor with a bicontinuous nanoscale interpenetrating
network [6].

Scheme 1. Schematic representation of a typical (a) and inverted (b) polymer solar cell (PSC).

Three parameters are typically used to characterize a solar cell: (a) the open-circuit voltage (Voc),
the maximum voltage available from a solar cell that occurs at zero current; (b) the short-circuit current
density (Jsc), the maximum current through the solar cell that occurs when the voltage is zero; (c) the fill
factor (FF), which shows the extent to which current-voltage characteristics of the PSC are close to ideal;
the optimal theoretical value of FF should be 1. In practice, FF values higher than 0.75 are regarded as
very good. The overall performance or power-conversion efficiency (PCE) can be calculated based on
these parameters and the incident solar power (Pin) [7]. Voc is principally restricted by the difference
between the highest occupied molecular orbital (HOMO) of the polymer donor and the lowest free
molecular orbital (LUMO) of the fullerene acceptor [8], and Jsc is determined by the product of the
photoinduced charge-carrier density and the mobility within the organic semiconductors.

Over the last few years, considerable effort has been made to synthesize conjugated polymers and
fullerene derivatives for use in BHJ cells [2,6]. They combine the electronic properties of traditional
semiconductors and conductors with the ease of processing from solution, are lightweight, and have
the mechanical flexibility of plastics. Figure 1 shows the chemical structure of some conjugated
polymers widely employed in BHJ PSCs. The characteristic structure of alternating carbon–carbon
double bonds is common to all of them, and it is responsible for their electronic properties, low-energy
optical transitions, and high-electron affinities. As synthesized conjugated polymers (in a neutral state)
are insulators, they become conductive by means of oxidation (p-doping) or reduction (n-doping).
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PEDOT is built from ethylenedioxythiophene (EDOT) monomers. It presents outstanding
performance, including good electrochemical properties compared to those of other polythiophenes [9].
It is insoluble in many common solvents and unstable in its neutral state, since it oxidizes quickly in
air. To enhance its processability, a polyelectrolyte solution, PSS is typically added, and this results
in an aqueous dispersion of PEDOT:PSS, where PEDOT is its oxidized state. PSS acts as the counter
ion and keeps the PEDOT chains dispersed in the aqueous medium. Nevertheless, PEDOT:PSS has
several drawbacks like high acidity, hygroscopic character and inhomogeneous electrical properties,
leading to low durability [10].

 

Figure 1. Chemical structure of conjugated polymers typically used in PSCs.

Poly(3-hexylthiophene) (P3HT) is one of the most widely used in photovoltaics due to its
interesting electronic properties combined with its ability to self-assemble and to be easily dissolved
in organic solvents. Poly(p-phenylene vinylene) (PPV) is hardly soluble. Attachment of side-groups
to the conjugated backbone, as in poly[2-methoxy-5-(3′,7′-dimethyloctyloxy)-1,4-phenylene
vinylene] (MDMO-PPV) or poly[2-methoxy-5-(2′-ethylhexyloxy)-p-phenylene vinylene] (MEH-PPV),
significantly enhances the solubility of the polymer. However, PPV and its derivatives suffer from
poor absorption and photodegradation [3]. The solubility of polypyrrole (PPy) is also restricted
due to the cross-linking of the polymer chains. Neutral PPy is insoluble, though it can swell when
exposed to some solvents. Once swelled, PPy can be doped either in acid or basic media and can be
dissolved in a few solvents, such as chloroform, dimethyl sulfoxide (DMSO), N-Methyl-2-pyrrolidone
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(NMP), and tetrahydrofuran (THF). Poly(p-phenylene) (PPP) is only soluble in organic solvents,
and is important since it is very stable (especially when undoped) and can be used as an electrode.
Polyaniline (PANI) is especially attractive as it is relatively inexpensive, wasy to synthesise and
environmentally stable. It has a wide range of electrical properties that can be easily controlled by
changing its oxidation and protonation state and presents an acid/base doping response [11].

Initially, PSCs based on the BHJ structure used MEH-PPV as electron-donor and fullerene
C60 derivatives as electron-acceptor, and were synthesized by spin-coating. However, the efficiency
was relatively low (~7.7%) [12]. Over the last few years, the performance of these PSCs has
been improved to a great extent, and can achieve PCEs > 9% for single-junction cells [13] and
>11% for tandem solar cells [14]. This has been possible with the synthesis of new polymeric
donor materials such as polythieno[3,4-b]thiophene-co-benzodithiophene] (PTB7). This low-bandgap
semiconducting polymer has led to some of the highest reported efficiencies for BHJ cells due to its
extended absorption into the near infra-red and lower HOMO level [13,15]. Furthermore, it exhibits
high solubility in a wide range of solvents, which makes its processing very simple at
room temperature, and it is also an excellent candidate for a variety of coating techniques
including ink-jet printing, spraying and blade coating. In particular, a highly efficient PSC was
obtained with an inverted device structure, where an alcohol-/water-soluble conjugated polymer,
poly[(9,9-bis(3′-(N,N-dimethylamino)propyl)-2,7-fluorene)-alt-2,7-(9,9-dioctylfluorene)] (PFN) was
used as the ITO surface modifier, and a blend of [6,6]-phenyl C71-butyric acid methyl ester (PC71BM)
and PTB7 acted as the photoactive layer. Even an improved performance has been reported
for poly[4,8-bis(5-(2-ethylhexyl)thiophen-2-yl)benzo[1,2-b:4,5-b′]dithiophene-co-3-fluorothieno[3,4-b]
thiophene-2-carboxylate-2-6-diyl)], commonly known as PTB7-Th or PBDTTT-EFT. This displays lower
HOMO/LUMO levels and increased efficiency compared to PTB7 and, more importantly, it is also far
more stable. Thus, the PTB7-Th/PC71BM blend has been used as photoactive layer in single junction
PSCs [16,17] because of its broadened photoresponse approaching 800 nm. Nonetheless, it has not
been possible to further enhance the PCE of these cells since their manufacturing processes are difficult
to scale up, and ion diffusion into the polymer layers along with their mechanical brittleness limit their
applicability. Therefore, developing new materials with low cost and high stability that can be used as
hole-transport layers or electron-transport layers in PSCs is of great interest.

In this regard, the present review summarizes recent progress in the development of graphene
(G)/polymer nanocomposites for PSC applications. Due to its unique properties and versatility,
G has emerged as a nanomaterial useful for several device parts including transparent conductive
electrodes (TCEs), active layers (ALs) and the interfacial layers (IFLs). We will focus on the synthesis
of G and its derivatives, graphene oxide (GO) and reduced graphene oxide (rGO), the preparation
methods of G/polymer nanocomposites, and the photovoltaic properties of PSCs incorporating
these nanocomposites. Although there are a number of reviews about PSCs [1–6], to the best of
our knowledge literature reviews dealing with G-based materials for solar-cell applications are
scarce [18,19], and none of them focuses on the nanocomposites.

2. Graphene and its Derivatives: Synthesis and Properties

2.1. Synthesis and Properties of Graphene

As is well known, G consists of a flat, atomically thick single layer of sp2 carbon atoms forming a
honeycomb structure (Scheme 2). Due to its 2D nature, its electronic band structure is characterized
by a linear dependence of energy on momentum near the Fermi level [20]. G exhibits extraordinary
electronic, thermal and mechanical properties [21], very high electron mobility (15,000 cm2/V s)
and a very large surface area (2630 m2/g) [22]. It presents a thermal conductivity in the range of
3000–6000 W/m K [21], and an electrical conductivity of 9.6 × 107 S/m. Moreover, G is one of the
strongest materials on Earth, with an elastic modulus close to 1 TPa [23], an ultimate strength of
130 GPa, and a breaking strength of ~40 N/m [24]. Furthermore, the absorption of a G sheet is
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nearly constant, and equal to 2.3% [25]. The combination of these exceptional properties make G
an excellent candidate for application in photovoltaic cells. Nonetheless, some issues need to be
resolved. In particular, its sheet resistance is very high compared to those of materials currently used
as electrodes such as ITO, hence it is important to enhance electronic transport without sacrificing
its optical transparency and other properties. Besides, G sheets are flexible and chemically inert,
which results in a double application: as an electrode and as a protective layer.

 

Scheme 2. Schematic representation of the structure of graphene (G), graphene oxide (GO) and reduced
graphene oxide (rGO).

G can be synthesized by several techniques including exfoliation, epitaxial growth, chemical vapor
deposition (CVD) and chemical and electrochemical methods. A brief description of these methods
along with their feasibility for applications in solar energy devices are shown below.
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Mechanical exfoliation was the first method developed to isolate G by peeling it off from graphite
flakes using a Scotch tape. This method yields good quality G sheets; however, it is not suitable for
mass production.

Epitaxial growth is a substrate-based method, where G is grown on a single-crystal silicon carbide
(SiC) by vacuum graphitization (thermal treatment of SiC at ~1300 ◦C under vacuum). The thickness of
G layers can be controlled by adjusting the temperature and time, and the uniformity of the thickness
improves with an annealing process [26]. This method is not practical for photovoltaic applications
due to its relatively high cost and the strong adhesion of G layers to the substrate.

CVD methods are the most widely used to fabricate G at a large scale, are the simplest, and are
cost effective. G is grown directly on a transition metal substrate (Cu, Ni, Pt, Pd, Ru, Ir) by means of
saturation of carbon upon exposure to a hydrocarbon gas (i.e., methane) at a high temperature [22].
When the substrate is cooled, the solubility of carbon on the substrate decreases and the carbon
precipitates to form mono- to multilayer G sheets. The main disadvantages are the difficult control of
the film thickness and the need for relatively expensive substrate materials. G grown on metals seems
to be highly suitable for use in transparent electronics.

Chemical-solution processes are inexpensive large-scale production methods to synthesize G
for photovoltaic devices [27]. They provide a layered product that can be suitable for transparent
electrodes or as dopant in other materials. The main shortcoming of these methods is the insolubility
of G. However, the reaction with strong oxidizing agents, such as H2SO4, HNO3, or KMnO4, leads to
the attachment of oxygen functional groups to both the basal plane and the edges of G sheets,
resulting in the formation of GO (Scheme 2), which is soluble in various solvents, such as water,
dimethylformamide (DMF), THF and chloroform [28]. Due to its dispersibility in common organic
solvents, GO is highly suitable as a filler in polymeric nanocomposites.

One of the least-used fabrication processes is electrochemical exfoliation, which relies on the
penetration of graphite by ions from a solution forced by the applied potential. G obtained by this
approach can be dispersed in organic solvents such as DMF, which enables the fabrication of thin
films [29]. After reduction via treatment with HNO3 or under vacuum, layers with good transport and
optical properties can be obtained, suitable for the fabrication of transparent electrodes.

2.2. Synthesis and Properties of Graphene Oxide

GO is an oxidized layer of G that contains epoxides, hydroxyls and carbonyls on the basal planes
and carboxyls on the edges (Scheme 2). Consequently, some properties of GO differ from those of G:
The sp3 carbon atoms in GO increase interlayer spacing, improving its ability to retain compounds.
The attached groups and lattice defects modify the electronic structure of G and serve as strong
scattering centers that affect electrical transport. Thus, it presents significantly lower electron mobility,
and it is typically insulating, with a sheet resistance of about 1012 Ω/sq or higher. It presents aqueous
processability, amphiphilicity, surface-functionalization capability, versatility, biocompatibility, and the
ability to interact with biological cells and tissues [30]. More importantly, it is highly hydrophilic
and can form stable aqueous colloids to facilitate the assembly of macroscopic structures, which is
crucial for large-scale uses. Furthermore, it can be deposited on a substrate and later converted into a
conductor, hence has great potential for the fabrication of solar cells.

GO can be synthesized using four basic methods [26,30]: Staudenmaier, Hofmann, Brodie and
Hummers. The most widely employed, the Hummers´ method, consists of the addition of KMnO4

to a solution of graphite, NaNO3 and H2SO4. Many variations of this method have been reported,
with improvements constantly being explored to achieve better results and cheaper processes [26,30].
For instance, approaches without using NaNO3 eliminate the evolution of NO2/N2O4 toxic gasses
and simplify the disposal of waste water because of the inexistence of Na+ and NO3

− ions [31].
GO can also be synthesized from graphite oxide by using sonication, stirring, or a combination of

both. Sonication is a time-effective way of fully exfoliating graphite oxide, although it can seriously
harm the graphene flakes, reducing their size from microns to nanometres, and even producing
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graphene platelets. Mechanical stirring is a less heavy-handed approach, albeit involving longer
periods of time.

2.3. Synthesis and Properties of Reduced Graphene Oxide

An interesting property of GO is that it can be partly reduced to graphene-like sheets by
eliminating the oxygen-containing groups with the recovery of a conjugated structure (Scheme 2).
The reduced GO (rGO) sheets are regarded as functionalized G, chemically modified G or reduced
G [32]. The aim is to attain graphene-like materials comparable to the pristine G obtained from direct
mechanical exfoliation of graphite both in structure and properties. However, residual functional
groups and defects considerably modify the structure of the carbon plane and, therefore, the properties
of rGO differ from those of G. In particular, the electrical conductivity of rGO is typically in the range
of 10–23 S/cm, much lower than that of G.

rGO can be prepared via the reduction of GO by thermal, chemical or electrical treatments.
Thermal annealing consists in the reduction of GO only by heat treatment, via rapid heating
(>2000 C/min) [33]. Exfoliation is caused by the abrupt expansion of CO or CO2 gases evolving
into the spaces between graphene sheets during heating. This method cannot be used for GO films
on substrates with a low melting point, such as glass and polymers, hence it is not suitable for
solar cell applications. Thermal annealing can also be performed by microwave irradiation or via
photo-reduction [34], using the energy emitted by a flash lamp or a laser. This process can lead to
a much higher degree of reduction of GO, since the lamp/laser can provide higher energy than the
thermal annealing, leading to rGO films with higher conductivity (i.e., 256 S/cm [35]), enabling the
direct fabrication of electronic devices based on rGO films.

Reduction by chemical reagents is based on their chemical reactions with GO, and can be carried
out either at room temperature or applying moderate heat. The reagent more typically used is
hydrazine monohydrate (N2H4·H2O), which is added to a GO aqueous dispersion, resulting in
agglomerated rGO nanosheets due to the increase in hydrophobicity [36]. However, the toxicity of
hydrazine and the possibility of incorporating N to the structure make it inappropriate for large-scale
synthesis. Hence, other reducing agents have been proposed, such as NaBH4 [37], hydroiodic acid
(HI), and urea.

Electrochemical reduction of GO can be carried out in a usual electrochemical cell using an
aqueous buffer solution at room temperature. The reduction does not require chemical agents, and it
is induced by the electron exchange between GO and electrodes. This approach seems favorable for
electrochemical applications.

3. Preparation of Graphene/Polymer Nanocomposites

A variety of methods have been reported to prepare G/polymer nanocomposites including
covalent and non-covalent approaches [24,38].

3.1. Non-Covalent Approaches

Non-covalent strategies include solution mixing, melt-blending and in situ polymerization.
The solution technique requires both G material and polymer to be stably dispersed in a common
solvent; it involves the dispersion of G in the appropriate solvent, the adsorption of the polymer on
to delaminated G sheets in solution, and the elimination of the solvent, resulting in sandwich-like
nanocomposites [38]. On the other hand, in the melt-blending process, G or its derivatives are
blended into molten polymer matrixes under dramatic shearing. This process is not commonly
used, particularly for energy applications. In the in situ polymerization, G is first swollen within the
liquid monomer, the initiator is subsequently added and the polymerization begins either by heat or
radiation. Nanocomposites with conductive polymers can also be produced via in situ electrochemical
polymerization [39], which yields mechanically stable composite films that can be directly used as the
electrodes of energy storage devices.
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3.2. Covalent Functionalization

In the covalent approach, the polymer chains are grafted on to the G sheets and wrap around
them to prevent their aggregation. It can be carried out either via “grafting to” or “grafting from”
approaches [40]. In the former, the functional groups of the polymer chains react with those of G or its
derivatives to form chemical bonds. For instance, the carboxylic groups of GO can react with hydroxyl
or amine groups of a polymer via esterification or amidation reactions [41]. The grafting from consists
in the growth of the polymer chains from the surfaces of G sheets, typically via atom-transfer radical
polymerization (ATRP).

4. Graphene/Polymer Nanocomposites in Solar Cells

G-based materials have been used in different layers of PSCs including TCEs, ALs and IFLs.
The literature on this subject is so extensive that only the most representative examples dealing with
polymer/G nanocomposites are described. The most important results are summarized at the end of
this section, in Table 1.

4.1. Graphene/Polymer Nanocomposites as Transparent Conductive Electrodes

G and its derivatives have been used as TCEs to replace conventional ITO electrodes in PSCs.
A lot of work has been carried out using flexible polymers, such as polyethylene terephthalate (PET)
as substrate. In this regard, rGO films synthesized by thermal annealing were deposited on to
PET, and the photovoltaic device was fabricated by spin coating the materials on to plasma treated
rGO/PET to produce a hydrophilic surface [42]. A maximum PCE of 0.78%, Voc of 0.56 V and JSC of
4.39 mA/cm2 were attained when using rGO films with a thickness of 16 nm and a transmittance of
65%. Remarkably, the device obtained could withstand up to 1200 bending cycles without sacrificing
device performance, whilst traditional cells incorporating ITO normally crack and degrade upon
bending due to the brittle nature of ITO. Significantly improved performance (PCE of 3.05%) was
obtained by depositing a rGO micromesh obtained via a laser-pattering technique on to PET, ascribed to
the superior transparency (59%) and lower sheet resistance (565 Ω/sq) of the rGO micromesh compared
to pristine rGO. More importantly, this PSC exhibited a comparable PCE with ITO-based devices
(3.82%) and good bending stability [43]. The major drawback of these rGO-based electrodes is their
high density of defects that limit device efficiency.

Xu et al. [44] reported the preparation of TCEs based on sulfonated graphene (SG)/PEDOT
composites prepared by in situ polymerization (Figure 2). Firstly, SG was prepared from GO
in four steps: (1) reduction of GO with NaBH4; (2) sulfonation with the aryl diazonium salt of
sulfanilic acid; (3) post-reduction with N2H4; (4) functionalization with NaNO3, sulfanilic acid,
and azoisobutyronitride (AIBN). Subsequently, SG was dispersed in water followed by the addition of
Fe2(SO4)3 and the monomer EDOT. The mixture was stirred for 48 h at 50 ◦C, and then poured into
methanol. The excess of EDOT and other impurities were removed through several washing cycles.
The composites showed good processability both in water and organic solvents, superior transparency,
high thermal conductivity, and thermal stability. A conductivity of 0.2 S/cm and transmittances higher
than 80% in the wavelength range of 400–1800 nm were observed for films with thickness of a few nm.
This conductivity is much higher than that of a commercial PEDOT:PSS product (10−6–10−5 S/cm).
Moreover, when a poly(methyl methacrylate) (PMMA) sheet coated with this composite was bent
inward, it still retained high electrical conductivity (0.18 S/cm).
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Figure 2. Schematic representation of sulfonated graphene (SG)/poly(3,4-ethylenedioxythiophene):
poly(styrenesulfonate) (PEDOT) nanocomposite and its synthesis-reaction conditions. Reprinted from
Ref. [44].

A G-based composite electrode was prepared by spin coating a mixed solution of surfactant-
functionalized G and PEDOT:PSS [45], with the modified G sheets uniformly distributed in the
PEDOT:PSS matrix. The conductivity and transparency of this TCE were comparable to those of an
ITO electrode. More importantly, it exhibited high stability (both mechanical and electrical), and it
can be bent over 1000 cycles with only a 5% increase in its resistance. However, the presence of the
surfactant stabilizer is undesirable from an application point of view. Jo et al. [46] synthesized an
aqueous G suspension stabilized by PEDOT:PSS through the chemical reduction of GO in the presence
of this polymer, without the need for surfactants. This approach involves strong π–π interactions
between rGO sheets and the rigid backbone of PEDOT, and intermolecular electrostatic repulsions
between negatively charged PSS bound to the RGO sheets, which impart colloidal stability to the
resulting hybrid nanocomposite of rGO/PEDOT. The film exhibited a conductivity of 2.3 kΩ/sq
with a transmittance of 80%. Moreover, its conductivity was approximately maintained after 100
bending cycles.

Lima et al. [47] used a GO/PEDOT:PSS nanocomposite as TCE in a cell with structure
PET/GO:PEDOT:PSS/F8T2/C60/Al, and a PCE of 1.10% was attained. The nanocomposite was
fabricated without the need for any surfactant or dopant, and also played the role of hole-transport
material in the device. By changing the GO/PEDOT:PSS ratio, the optical transmittance and sheet
resistance of the nanocomposite films was tailored. Furthermore, the films showed good flexibility,
without any conductivity reduction after 1000 bending cycles, and the procedure was compatible with
large-scale fabrication processes. GO/PEDOT nanocomposites with potential applications as TCEs
have also been recently synthesized by the Fenton’s reaction [48]. The synthesis was carried out using
GO intercalated with FeCl3 and H2O2. Then, EDOT monomer was in situ polymerized on to the GO
sheets. The resulting composite displayed improved electroactivity and optical properties.

Recently, a 4-layered CVD-doped G treated with PEDOT:PSS was applied as a cathode in
inverted PSCs fabricated by spray coating [49]. The active layer was composed of poly[(5,6-difluoro
-2,1,3-benzothiadiazol-4,7-diyl)-alt-(3,3′′′-di(2-octyldodecyl)2,2′;5′,2′′;5′′,2′′′-quaterthiophen-5,5′′′-diyl)]
(PffBT4T-2OD) as donor and phenyl-C71-butyric acid methyl ester (PC70BM) as acceptor. The resulting
device showed a Voc of 0.72 V, Jsc of 10.5 mA cm−2, FF of 0.37 and a PCE of 2.8%, respectively, not far
from the corresponding values of an ITO-based cell. G-doped PEDOT:PSS nanocomposites have also
been prepared by vibration-assisted ultrasonic spray coating [50,51], a single-step, fast, and scalable
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process. The resulting films showed a maximum electrical conductivity of 298 S·cm−1, about a 10-fold
increase compared to pristine PEDOT:PSS films, with a transparency comparable to that of ITO-coated
glasses. This extraordinary improvement was ascribed to the higher carrier mobility and carrier
concentration, since G sheets bridge between the PEDOT:PSS rings via strong π–π interactions that act
as high-mobility channels. Furthermore, the π–π interactions reduce the number of defect sites in
PEDOT:PSS. More importantly, the energy level of G-doped PEDOT:PSS films could be tuned, and they
exhibited better stability and superior mechanical properties, including wear resistance and hardness.

Sookhakian et al. [52] modified an ITO electrode with a G/ZnS/PPy ternary nanocomposite.
prepared by layer-by-layer electrophoretic deposition. The resulting device showed a Voc of 0.48 V,
Jsc of 0.42 mA·cm−2, FF of 0.23 and a PCE of 0.92%, respectively, which were higher than those
of devices with ZnS- or PPy-modified electrodes. The nanocomposite improved the photovoltaic
efficiency because PPy acted as an exceptional sensitizer and hole acceptor, ZnS nanoparticles acted as
bridges, whilst G acted as an outstanding conductive collector and transporter.

Liu et al. [53] fabricated semitransparent PSCs based on P3HT: phenyl-C61-butyric acid methyl
ester (PC61BM) with a CVD-grown single-layer G film doped with Au nanoparticles and PEDOT:PSS
as the top electrode and ITO as the bottom electrode (Figure 3a). The use of the doped G electrode
led to an increase in conductivity close to 400% compared to pristine G, and a maximum PCE of
2.7% was attained when illuminated from the G side (Figure 3b), which was attributed to the better
transmittance of the G electrode. PSCs with higher efficiency are expected to be attained by optimizing
the processing conditions and using single-layer G with superior quality.

Figure 3. (A) Schematic representation and band structure of a PSC with the structure glass/indium tin
oxide (ITO)/ZnO/P3HT:PCBM/Au/PEDOT:PSS/G; (B) J–V characteristics measured from two sides
of the PSC with G top electrode and different active layer thicknesses. Reproduced with permission
from Ref. [53].
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The same authors [54] fabricated another flexible PSC on polyimide (PI) substrates with multilayer
CVD G doped with PEDOT:PSS and Au nanoparticles as top TCE and P3HT:PC61BM as ALs.
The device, with an structure of G/Au/PEDOT:PSS/P3HT:PCBM/ZnO/Ag/PI, showed a maximum
PCE of ~3.2%, which diminished only by about 8% after 1000 bending cycles, indicating outstanding
flexibility and stability. More importantly, it was found that air could not diffuse across the fine space
among the G layers, thus providing an excellent packaging effect on flexible solar cells. Multilayer G
can act as an environmental barrier and protect the PSCs from air contamination, which simplifies the
device fabrication and reduces the associated costs.

Recently, G was prepared via electrochemical exfoliation of graphite [55] using an approach that
intercalated sulfate ions (Figure 4). The resulting exfoliated graphene (EG) films were spray deposited
on to flexible poly(ethylene 2,6-naphthalate) (PEN), and the composite was applied as anode in PSCs.
The device using PTB7:PC71BM as the active layer yielded a PCE of 4.23%, which was kept after 150
bending cycles. This solution processed G-based electrode had a transparency of 70% and a low sheet
resistance of 0.52 kΩ/sq, and was mechanically tough, without a change in resistance at different
bending angles.

Figure 4. (a) Scheme of the electrochemical exfoliation of graphite; (b) optical images of the exfoliation
process; (c) schematic representation of spray deposition of exfoliated graphene (EG) dispersion onto
poly(ethylene 2,6-naphthalate) (PEN); (d) J–V characteristics of the cell under light (solid line) and dark
conditions (dashed line). Reprinted with permission from [55].
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An et al. [56] developed another device incorporating a PMMA/G composite as anode. The polymer
was spin coated onto highly uniform G prepared by CVD, resulting in a bilayer composite that was
further deposited onto a flexible PET substrate. The PMMA improved the adhesion of G onto the
substrate, preventing both contamination and crack formation. Based on this novel process, the G
sheet resistance was reduced by about 50% at the same transmittance, leading to a device with a
configuration of: PET/PMMA-G/MoO3/PEDOT:PSS/Poly[N-9′-heptadecanyl-2,7-carbazole-alt-5,5-
(4′,7′-di-2-thienyl-2′,1′,3′-benzothiadiazole)] (PCDTBT):PC70BM/Ca/Al that exhibited a Voc of 0.83 V,
Jsc of 8.88 mA cm−2, FF of 0.45 and a PCE of 3.3%, about 200% higher efficiency than the reference cell
without G.

G has also been used as cathode and anode in PSCs. Park et al. [57] developed highly efficient
flexible PSCs by modifying the G surface with a PEDOT-block-poly(ethylene glycol) (PEDOT:PEG)
copolymer doped with perchlorate (PC) (Figure 5). The G films were fabricated via a low-pressure
CVD (LPCVD) method, and comprised three monolayers. They had very good conductivity and
transparency (resistivity of 300 Ω/sq and transmittance of 92%), and were applied as the anode
in conventional cells and as the cathode in inverted devices [58], reaching PCEs of 6.1% and 7.1%,
respectively. Bending tests demonstrated that these G-based devices were strong under mechanical
deformation, without significant performance loss after 100 flexing cycles, and showed a maximum
Voc of 0.71 V, Jsc of 14.8 mA·cm−2 and a maximum FF of 57.6%. PSCs with LPCVD G as both anode and
cathode have also been fabricated [59]. By using a PMMA-coated G as the bottom film and depositing
the top G film onto flexible (PEN) substrates, a PCE of 3.7% was attained.

Figure 5. (a) Schematic representation of the PSC with G anode and structure G/PEDOT:PEG(PC)/
PEDOT:PSS/DBP/C60/BCP/Al; (b) cross-sectional transmission electron microscope (TEM) image
(left) of the device described in (a), with an energy-dispersive line scan on a diagram of the device
cross-section (right); (c) flat-band energy level diagram of the PSC; (d) J–V characteristics of the G-based
device compared to ITO reference cells (red and blue lines, respectively). Reproduced with permission
from Ref. [57].
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4.2. Graphene/Polymer Nanocomposites as Active Layers

Initially, OSCs had an architecture similar to that of conventional solar cells: a single flat
semiconductor heterojunction formed by a thin layer of active polymer (donor) and a film of acceptor,
sandwiched between two electrodes. The field created in the donor–acceptor interface is responsible
for exciton dissociation into free electron-hole pairs. The PCEs of OSCs based on this architecture is
very low due to the reduced interface area. This means that only excitons formed very close to the
interface (just a few nm) can dissociate into free-charge carriers. Therefore, flat hetorojunction OSCs
must be thin, which leads to poor light absortion and low Jsc.

Most OSCs developed later with significantly higher PCE where based on the BHJ architecture [6].
In this type of cell, an interpenetrating network with nanoscale phase separation in the active layer
(consisting of a polymer donor and a fullerene-derivative acceptor) is formed. The PCE improvement
in BHJ solar cells compared to bilayer solar cells is mainly due to the more efficient exciton dissociation
enabled by the maximized heterojunction interface and increased charge-carrier collection due to
the formation of the interpenetrating network. In this regard, the large specific surface area and 2D
structure of G favor the formation of a bicontinuous interpenetrating network of donor and acceptor
materials at the nanometer scale.

Liu and coworkers [60] reported the first use of solution-processable G functionalized with
phenyl isocyanate as an acceptor and poly(3-octylthiophene) (P3OT) as a donor in PSCs. The device,
with an ITO/ PEDOT:PSS/P3OT:G/LIF/Al structure, showed a maximum PCE of 1.4% for a G
content of 5 wt % optimized via an annealing process (20 min at 160 ◦C). The same authors used such
functionalized G in a higher concentration (10 wt %) as an acceptor and P3HT as donor in a similar
PSC [61], with a maximum PCE of 1.1%, Voc of 0.72 V, Jsc of 4.0 mA·cm−2 and FF of 0.38 after an
annealing treatment at 160 ◦C for 10 min. The improvement in device performance was explained
considering the expansion of the exciton dissociation area due to the faster electron transport through
G. However, annealing at higher temperatures (i.e., 210 ◦C) resulted in a decrease in the PCE (0.57%).
An analogous PSC using a P3OT/solution-processable G composite as the active layer was developed
by Wang et al. [62]. The device showed a PCE of 1.14%, Voc of 0.67 V, Jsc of 4.6 mA·cm−2, and FF
of 0.37. Other authors prepared a P3HT/solution processable G/functionalized multiwalled carbon
nanotubes (f-MWCNTs) nanocomposite, where P3HT acted as an electron donor, G as an electron
acceptor and percolation path for the electrons, and the f-MWCNTs provided percolation paths of
holes [63]. The resulting ITO/PEDOT:PSS/P3HT-f-MWCNTs-SPFGraphene/LiF/Al device showed a
Jsc of 4.7 mA·cm−2, Voc of 0.67 V, FF of 0.32, and a PCE of 1.05%. Nonetheless, the PCE of these cells
with solution-processable G is significantly low, and could likely be improved by tuning the G content
and processing conditions, since theoretical studies predict an efficiency above 12% for G-based PSCs.

Yu et al. [64] grafted CH2OH-terminated regioregular P3HT on to the COOH groups of the
GO surface via an esterification reaction. The resultant P3HT-grafted GO sheets were found
to be soluble in a number of organic solvents, which is advantageous for solution processing.
They used P3HT-g-GO/C60 as the active layer to build a photovoltaic device with the structure
ITO/PEDOT:PSS/G-P3HT:C60/Al (Figure 6), showing a PCE of 0.61%, about 200% enhancement
compared to the device based on P3HT/C60, since the chemical grafting of P3HT on to G can enhance
electron delocalization and light absorption. The same group [65] grafted C60 on to the surface of rGO
through a lithiation reaction, and the resulting hybrids were used as electron acceptors in the active
layer to fabricate BHJ solar cells (device structure: ITO/PEDOT:PSS/C60-rGO:P3HT/Al). A maximum
PCE of 1.22%, a Jsc of 4.45 mA cm−2 and a Voc of 0.56 V were obtained, which are higher than those
of many PSCs with non-fullerene electron acceptors, since the rGO–C60 hybrid can lead to a more
effective electron transport pathway.
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Figure 6. (A) Schematic representation of ITO/PEDOT:PSS/G-P3HT:C60/Al PSC; and (B) J–V
characteristics using P3HT:C60 or G-P3HT:C60 as the active layer. Reproduced with permission from
Ref. [64].

Converting 2D G into 0D quantum dots (GQDs) is a very effective approach to open the band
gap of graphene. Furthermore, the GQDs are rich in oxygenated groups and soluble in aqueous and
organic solvents, thus enabling further functionalization. GQDs with sizes of 3–5 nm, synthesized via
an electrochemical approach, were used as electron-acceptors in a device with the structure of
ITO/PEDOT:PSS/P3HT:GQDs/Al [66], leading to a Voc of 0.67 V and a PCE of 1.28%. Aniline-modified
GQDs were prepared via a hydrothermal method and used as acceptors in PSCs [67] with P3HT as
donor (Figure 7), leading to a PCE of 1.14%. GQDs derived from double-walled carbon nanotubes have
also been prepared via a solution-based method and incorporated into an active layer of P3HT:PCBM,
leading to a PCE of 5.24% [68]. P3HT:PCBM:GQDs ternary composite represents a novel way to
improve the efficiency of PSCs.

Figure 7. (A) Schematic representation; and (B) J–V curves of ITO/PEDOT:PSS/P3HT:GQDs/Al device
based on aniline-modified GQDs with different GQDs content. Reproduced with permission from
Ref. [66,67].

To augment the optical absorptivity and charge-carrier extraction of PSCs, graphene oxide
quantum dots (GOQDS) and reduced graphene oxide quantum dots (rGOQDs) have been blended
with a PTB7:PC71BM active layer (Figure 8) leading to a device with structure ITO/PEDOT:PSS/
GOQDs:PTB7:PC71BM/Al [69]. For rGOQDS, an increase in both Jsc and FF was observed due to the
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oxygenated functional groups on the surface of the QDs and their improved conductivity, leading to a
maximum PCE of 7.6%. Another strategy to increase the band gap of G is doping with heteroatoms [70].
In this regard, PSCs have been developed by incorporating nitrogen-doped rGO in P3HT:PCBM ALs.
The highest PCE obtained (4.5%) with this device (ITO/PEDOT:PSS/N-doped graphene:P3HT:PCBM/Al)
was about 40% higher than that of a device without G. Overall, the performance of these PSCs with
G-based materials is lower than that of conventional cells incorporating C60 and its derivatives [2–4].
Additional research should be carried out to control the structure and properties of G and optimize the
device fabrication procedure to develop PSCs with higher PCE.

Preliminary studies comparing the performance of G-based and carbon nanotube (CNT)-based
PSCs revealed the superiority of those incorporating G. Thus, Lee et al. [71] compared the
effect of maleimide-thiophene copolymer-functionalized GO (PTM21-GO) and carbon nanotubes
(PTM21-CNTs) on P3HT/PCBM blends for use as active layers in PSCs. The performance was
enhanced after incorporating both composites, and the highest PCE (1.70%) was obtained after the
addition of 0.3 wt % PTM21-GO. The improved behaviour of the device with GO was attributed to the
larger surface-contact area, higher charge-transporting capacity, along with the better dispersive nature
after functionalization of the GO sheets compared to the CNTs. Furthermore, the amphiphilic character
of GO makes its processability in aqueous solutions easier compared to CNTs that are hydrophobic
and insoluble in most of the common solvents.

Figure 8. (A) Schematic representation of the synthesis of graphene oxide quantum dots (GOQDs) and
reduced graphene oxide quantum dots (rGOQDs), where the edge functional groups are controlled
by adjusting the thermal reduction time; (B) J–V curves of the PSCs with different types of GQDs.
Reproduced with permission from Ref. [69].

4.3. Graphene/Polymer Nanocomposites as Interfacial Layers

The IFLs, that is, the hole-transporting layer and electron-transporting layer between the active
layer and the anode/or cathode, respectively, strongly condition the performance of PSCs. They are
commonly used in order to improve the electrical contacts and enhance charge transport and collection.
In addition, IFLs can improve light absorption and radiation distribution in the active layer and enhance
performance stability. IFLs reduce charge-carrier recombination in electrodes by selectively allowing
the desired carriers to pass through and preventing carriers from reaching the opposite electrodes.
This is particularly important in BHJ PSCs, in which the donor and the acceptor semiconductors are
randomly distributed in the active layer. Therefore, both semiconductors could be in contact with
the anode and cathode, increasing the probability of recombination. IFLs can be designed in order to
obtain a low contact resistance at the electrodes, avoiding this requirement to be met at the active layer,
which can be designed without that restriction. IFLs also improve light distribution and absorption in
PSCs by reducing the reflection of light at interfaces.
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G and its derivatives have been used as both types of layers, due to their benefits of
superior energy-band structure that results in efficient charge transport and less corrosion for
the ITO electrode [18]. A GO/PEDOT:PSS composite was used as the hole transport layer in a
PCDTBT:PC71BM-based BHJ PSC, leading to a PCE of 4.28%, which is higher compared to devices with
either GO or PEDOT:PSS as hole transport layers (PCEs of 2.77 and 3.57%, respectively). In addition,
enhanced reproducibility and stability were observed. The improved performance was ascribed to
the well-matched work function of GO and PEDOT:PSS that increased charge carriers’ mobility and
reduced series resistance. Besides, GO could effectively block the electrons due to its large band-gap of
~3.6 eV, leading to an increased shunt resistance [72].

Chuang and Chen [73] developed a PEG-modified Au nanoparticles/GO nanocomposite as the
hole-transport layer in a device with the structure: ITO/PEDOT:PSS(Au@PEG–GO)/PBDTTT-CT.
PEG improved the solubility of the nanocomposite, so that it was well dispersed in water and several
organic solvents. A relatively high PCE of 7.26% was attained. Besides, different spectral-enhancement
regions were observed when the nanocomposite was placed at different locations, revealing the
different dielectric environments nearby the nanoparticles, which could be useful for improving the
broadband absorption of solar irradiation.

Jung et al. [74] synthesized a polyacrylonitrile-grafted rGO nanocomposite (PRGO) that acted
as a hole-transport layer in PSCs based on PTB7-Th. The nanocomposite was fabricated via a
covalent strategy based on in situ radiation-induced reduction and graft polymerization with
acrylonitrile and styryl-functionalized GO. It displayed homogeneous thin-film morphology,
good electrical conductivity (0.87 S/cm), high work function (4.87 eV), and exceptional weather
stability. This combination of qualities makes it suitable as interfacial material in PSCs in order to
improve photovoltaic efficiency and stability. The resulting device showed a PCE of 7.24%, FF of 0.64,
Jsc of 14.78 mA/cm2, and Voc of 0.76 V, comparable to those of a PEDOT:PSS-based one: PCE of 7.17%,
FF of 0.66, Jsc of 13.91 mA/cm2, and Voc of 0.78 V. More importantly, it exhibited superior durability.

Hu et al. [75] developed a new electron-transport layer based on ZnO nanocrystals dispersed
in a G matrix with ethyl cellulose (EC) as a stabilizer. The ZnO@G:EC nanocomposites with
different G contents exhibited a relatively smooth morphology (Figure 9), and retained the original
structure of G with high conductivity. The device based on P3HT:PC61BM, with a structure of:
ITO/ZnO@G:EC/P3HT:PC61BM/MoO3/Ag, showed a PCE of 3.9%, about 20% higher than that
with bare ZnO nanocrystals. Replacing the active layer by PTB7:PC71BM, the PCE raised up to 8.4%.
This simple approach can lead to highly conductive electron-transport layers for PSCs.

Figure 9. (A) Schematic representation of ITO/ZnO@G:EC/P3HT:PC61BM/MoO3/Ag device;
(B) atomic force microscope (AFM) images of ZnO@G:EC nanocomposites with different G contents;
(C) J–V curves of PSCs with the different nanocomposites. Reproduced with permission from Ref. [75].
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In another study, GO thin films were deposited by spin coating between a P3HT:PCBM active
layer and ITO, causing a reduction in the recombination of electrons and holes as well as leakage
currents [76]. The deposited GO acted as an effective hole-transport layer, and the best results were
obtained for a GO film with a thickness of 2 nm. Thus, the device showed a PCE of 3.5%, a Voc of
0.57 V, Jsc of 11.4 mA·cm−2 and a FF of 0.54. However, as the thickness of the films increased, the PCE
decreased, due to the increased resistance of the hole-transport layer. In addition, spin coating such
a thin GO film is extremely difficult. To solve these problems, nanocomposites with single-walled
carbon nanotubes (SWCNTs) have been developed. Blending GO with SWCNTs significantly increased
the conductivity of the nanocomposite; the device with a GO:SWCNT mass ratio of 1:0.2 exhibited
a PCE of 4.1%, a Voc of 0.6 V, Jsc of 10.8 mA·cm−2, and FF of 0.63, which are better than those
of a PSC with raw GO as the hole-transporting layer. A nanocomposite of few-layer graphene
nanosheets and PEDOT:PSS has also been used as a hole-transport layer, leading to an increase in
the PCE from 3.1 to 3.7% compared to a conventional device with PEDOT:PSS [77]. In the case of
butylamine-modified G/PEDOT:PSS nanocomposite, the PCE raised from 0.42 to 0.74%. Furthermore,
when a GO/PEDOT:PSS nanocomposite was applied as the hole-transport layer, a PCE of 1.43 was
attained, about 12% higher than the reference cell without GO, ascribed to the enhanced charge-carrier
transport due to improved conductivity [78]. Overall, it seems that the addition of G derivatives as
additives to PEDOT:PSS improves the performances of PSCs, although the reason for this enhancement
is not fully understood yet.

Table 1. Characteristics of PSCs based on G/polymer nanocomposites.

Composite Device Structure Jsc (mA·cm−2) Voc (V) FF PCE (%) REF

PET/rGO PET/rGO/PEDOT:PSS/P3HT:PCBM/TiO2/Al 4.39 0.56 NA 0.78 42

GO:PEDOT:PSS PET/GO:PEDOT:PSS/F8T2/C60/Al 2.75 0.71 0.52 1.10 47

Au/G/PEDOT:PSS ITO/ZnO/P3HT:PCBM/PEDOT:
PSS/Au/G 10.58 0.59 0.43 2.7 53

G/Au/PEDOT:PSS G/Au/PEDOT:PSS/P3HT:PCBM/ZnO/Ag/PI 10.6 0.597 0.50 3.17 54

EG/PEDOT:PSS EG/PEDOT:PSS/PTB7:PC71BM/Ba /Al 6.53 0.707 0.56 4.23 55

PMMA-G PET/PMMA-G/MoO3/PEDOT:PSS
/PCDTBT:PC70BM/Ca/Al 8.88 0.83 0.45 3.3 56

PEN/G PEN/G/ZnO/PTB7:PC71BM/MoO3/Ag 14.9 0.71 0.58 6.2 58

P3OT:G ITO/ PEDOT:PSS/P3OT:G/LiF/Al 4.2 0.92 0.37 1.4 60

P3HT:G ITO/ PEDOT:PSS/P3HT:G/LiF/Al 4.0 0.72 0.38 1.1 61

P3OT:PCBM–G ITO/PEDOT:PSS/P3OT:PCBM–G/LiF/Al 4.6 0.67 0.37 1.14 62

P3HT-f-MWCNTs-SPFG ITO/PEDOT:PSS/P3HT-f-MWCNTs-SPFG/LiF/Al 4.7 0.67 0.32 1.05 63

P3HT-grafted GO ITO/PEDOT:PSS/G-P3HT:C60/Al 3.5 0.43 0.41 0.61 64

C60-rGO:P3HT ITO/PEDOT:PSS/C60-rGO:P3HT/Al 4.45 0.56 0.49 1.22 65

P3HT:GQDs ITO/PEDOT:PSS/P3HT:GQDs/Al 6.33 0.67 0.30 1.28 66

P3HT/ANI-GQDs ITO/PEDOT:PSS/P3HT/ANI-GQDs/Al 3.51 0.61 0.53 1.14 67

P3HT:PCBM:GQDs ITO/PEDOT:PSS/P3HT:PCBM:GQDs/LiF/Al 26.46 0.60 0.33 5.24 68

GOQDs:PTB7: PC71BM ITO/PEDOT:PSS/GOQDs:PTB7: PC71BM/Al 15.2 0.74 0.68 7.6 69

N-dopedG:P3HT:
PCBM ITO/PEDOT:PSS/N-doped G:P3HT:PCBM/Al 14.95 0.59 0.51 4.48 70

PTM21-GO ITO/PEDOT:PSS/P3HT:PTM21-GO:
PCBM/LiF/Al 8.11 0.59 0.30 1.43 71

GO/PEDOT:PSS ITO/GO/PEDOT:PSS/PCDTBT: PC71BM/Al 10.44 0.82 0.50 4.28 72

Au@PEG–GO ITO/PEDOT:PSS(Au@PEG–GO) /PBDTTT-CT 16.1 0.75 0.60 7.26 73

PRGO-PTB7-th NA 14.78 0.76 0.64 7.24 74

ZnO@G:EC ITO/ZnO@G:EC/P3HT:PC61BM/MoO3/Ag 7.73 0.63 0.73 3.9 75

GO/P3HT:PCBM ITO/GO/P3HT:PCBM/Al 11.4 0.57 0.54 3.5 76

G:PEDOT:PSS ITO/FLGs-PEDOT:PSS/PCBM/P3HT/Ca/Al 9.44 0.58 0.55 3.7 77
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5. Conclusions and Outlook

G and its derivatives, GO and rGO have emerged as ideal materials for solar-cell applications
owing to their 2D structure, outstanding electrical and thermal conductivity, high transparency,
flexibility, superior mechanical strength, and very large specific surface area. In order to enhance
their processability, chemical and electrochemical properties, and to expand their uses, G-based
nanomaterials are frequently blended with polymers. In this regard, G/polymer nanocomposites
seem to be useful in a range of device parts including transparent electrodes, active layers and
interfacial layers. Nonetheless, while some improvements have already been attained when replacing
conventional materials (i.e., ITO, PEDOT:PSS), several issues have to be addressed prior to the use of
G-based nanocomposites as a key component in PSCs:

(a) The functionalization and ultrasonication processes applied to G prior to and during the
fabrication of polymer nanocomposites leads to a strong reduction in electrical conductivity.
Hence, the conductivity of chemically-derived G is considerably lower than that of ideal G.
Consequently, G/polymer nanocomposites present poor electrical properties and do not satisfy
the requirements for TCEs and counter electrodes in solar cells.

(b) Novel fabrication techniques to synthesize high-quality G thin films with tailored morphology
and electronic properties are required, since the performance of G-based PSCs is directly related
to the G characteristics: purity, quality, band-gap, structural morphology, etc. In the case of
TCEs, solution-processable films with a good balance between high transparency and low sheet
resistance are needed. More importantly, techniques that allow the synthesis of G at a large scale
and at relatively low cost are highly desirable. Even though a lot of efforts have been made in
this direction, the current methods are seriously limited by their low efficiencies, which should
be addressed for commercial applications.

(c) The real specific surface area of G-based materials is much lower than the theoretical predictions
owing to the strong agglomeration of the G sheets via π–π stacking interactions, and blending
with polymers makes the problem even worse. Thus, new approaches to exfoliate the G sheets and
keep a large specific surface area when blended with polymers are required. Although significant
success has been attained via the addition of stabilizers such as surfactants, these frequently have
detrimental effects on final device performance. Hence, novel synthetic routes are sought.

(d) Novel doping or functionalization strategies compatible with the fabrication process of PSCs
have to be explored to attain high charge-carrier densities, better stability and tunable energy
levels in G-based materials.

(e) The performance of G/polymer nanocomposites in PSCs is well below that reported for
traditional materials. Thus, the composition and morphologies of the nanocomposites and
the structure of the corresponding PSCs need further optimization. In this regard, developing
new types of G-based materials such as GQDs is an interesting alternative. Owing to quantum
confinement and the edge effect, the GQDs can exhibit better properties than pristine G,
which could allow for the fabrication of PSCs with better PCE.

(f) The toxicity of nanostructured materials is well known [78,79] and the degradation caused by
toxicity is of concern. G-based materials may cause cytotoxicity to humans, and this issue should
be investigated in detail.

Overall, the research in this area is still in its infancy, and the mechanisms used to explain the
observed effects are merely based on assumptions. Nonetheless, it is expected that after extensive
research in the field and constant innovative efforts, PSCs incorporating G-based materials could offer
a new outlook for the solar-energy industry.
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59. Song, Y.; Chang, S.; Gradečak, S.; Kong, J. Visibly transparent organic solar cells on flexible substrates with
all-graphene electrodes. Adv. Energy Mater. 2016, 6, 1600847. [CrossRef]

60. Liu, Z.; Liu, Q.; Huang, Y.; Ma, Y.; Yin, S.; Zhang, X.; Sun, W.; Chen, Y. Organic Photovoltaic Devices Based
on a Novel Acceptor Material: Graphene. Adv. Mater. 2008, 20, 3924–3930. [CrossRef]

61. Liu, Q.; Liu, Z.; Zhang, X.; Yang, L.; Zhang, N.; Pan, G.; Yin, S.; Chen, Y.; Wei, J. Polymer Photovoltaic Cells
Based on Solution-Processable Graphene and P3HT. Adv. Funct. Mater. 2009, 19, 894–904. [CrossRef]

62. Wang, H.; He, D.; Wang, Y.; Liu, Z.; Wu, H.; Wang, J. Organic Photovoltaic Devices Based on graphene
as an electron-acceptor material and P3OT as a donor material. Phys. Status Solidi A 2011, 208, 2339–2343.
[CrossRef]

63. Liu, Z.; He, D.; Wang, Y.; Wu, H.; Wang, J.; Wang, H. Improving photovoltaic properties by incorporating
both SPFGraphene and functionalized multiwalled carbon nanotubes. Sol. Energy Mater. Sol. Cells 2010, 94,
2148–2153. [CrossRef]

64. Yu, D.; Yang, Y.; Durstock, M.; Baek, J.-B.; Dai, L. Soluble P3HT-Grafted Graphene for Efficient
Bilayer–Heterojunction Photovoltaic Devices. ACS Nano 2010, 4, 5633–5640. [CrossRef] [PubMed]

194



Polymers 2018, 10, 217

65. Yu, D.; Park, K.; Durstock, M.; Dai, L. Fullerene-Grafted Graphene for Efficient Bulk Heterojunction Polymer
Photovoltaic Devices. J. Phys. Chem. Lett. 2011, 2, 1113–1118. [CrossRef] [PubMed]

66. Li, Y.; Hu, Y.; Zhao, Y.; Shi, G.; Deng, L.; Hou, Y.; Qu, L. An Electrochemical Avenue to Green-Luminescent
Graphene Quantum Dots as Potential Electron-Acceptors for Photovoltaics. Adv. Mater. 2011, 8, 776–780.
[CrossRef] [PubMed]

67. Gupta, V.; Chaudhary, N.; Srivastava, R.; Sharma, G.D.; Bhardwaj, R.; Chand, S. Luminescent Graphene
Quantum Dots for Organic Photovoltaic Devices. J. Am. Chem. Soc. 2011, 133, 9960–9963. [CrossRef]
[PubMed]

68. Li, F.; Kou, L.; Chen, W.; Wu, C.; Guo, T. Enhancing the short-circuit current and power conversion
efficiency of polymer solar cells with graphene quantum dots derived from double-walled carbon nanotubes.
NPG Asia Mater. 2013, 5, e60. [CrossRef]

69. Kim, J.K.; Park, M.J.; Kim, S.J.; Wang, D.H.; Cho, S.P.; Bae, S.; Park, J.H.; Hong, B.H. Balancing Light
Absorptivity and Carrier Conductivity of Graphene Quantum Dots for High-Efficiency Bulk Heterojunction
Solar Cells. ACS Nano 2013, 7, 7207–7212. [CrossRef] [PubMed]

70. Jun, G.H.; Jin, S.H.; Lee, B.; Kim, B.H.; Chae, W.-S.; Hong, S.H.; Jeon, S. Enhanced conduction and
charge-selectivity by N-doped graphene flakes in the active layer of bulk-heterojunction organic solar
cells. Energy Environ. Sci. 2013, 6, 3000–3006. [CrossRef]

71. Lee, R.-H.; Huang, J.-L.; Chi, C.-H. Conjugated polymer-functionalized graphite oxide sheets thin films for
enhanced photovoltaic properties of polymer solar cells. J. Polym. Sci. B Polym. Phys. 2013, 51, 137–148.
[CrossRef]

72. Rafique, S.; Abdullah, S.M.; Shahid, M.M.; Ansari, M.O.; Sulaiman, K. Significantly improved photovoltaic
performance in polymer bulk heterojuntion solar cells with graphene oxide/PEDOT:PSS double decked hole
transport layer. Sci. Rep. 2016, 7, 39555. [CrossRef] [PubMed]

73. Chuang, M.-K.; Chen, F.-C. Synergistic Plasmonic Effects of Metal Nanoparticle–Decorated PEGylated
Graphene Oxides in Polymer Solar Cells. ACS Appl. Mater. Interfaces 2015, 7, 7397–7405. [CrossRef]
[PubMed]

74. Jung, C.-H.; Noh, Y.-J.; Bae, J.-H.; Yu, J.-H.; Hwang, I.-T.; Shin, J.; Shin, K.; Lee, J.-S.; Choi, J.-H.; Na, S.-I.
Polyacrylonitrile-grafted reduced graphene oxide hybrid: An all-round and efficient hole-extraction material
for organic and inorganic-organic hybrid photovoltaics. Nano Energy 2017, 31, 19–27. [CrossRef]

75. Hu, A.; Wang, Q.; Chen, L.; Hu, X.; Zhang, Y.; Wu, Y.; Chen, Y. In Situ Formation of ZnO in Graphene:
A Facile Way To Produce a Smooth and Highly Conductive Electron Transport Layer for Polymer Solar Cells.
ACS Appl. Mater. Interfaces 2015, 7, 16078–16085. [CrossRef] [PubMed]

76. Li, S.-S.; Tu, K.-H.; Lin, C.-C.; Chen, C.-W.; Chhowalla, M. Solution-processable graphene oxide as an efficient
hole transport layer in polymer solar cells. ACS Nano 2010, 4, 3169–3174. [CrossRef] [PubMed]

77. Nguyen, D.D.; Tai, N.H.; Chueh, S.Y.; Chen, Y.J.; Kuo, W.S.; Chou, T.W.; Hsu, C.S.; Chen, L.J. Synthesis of
ethanol-soluble few-layer graphene nanosheets for flexible and transparent conducting composite films.
Nanotechnology 2011, 22, 295606. [CrossRef] [PubMed]

78. Hu, X.; Zhou, Q. Health and Ecosystem Risks of Graphene. Chem. Rev. 2013, 113, 3815–3835. [CrossRef]
[PubMed]

79. Chng, E.L.K.; Pumera, M. The toxicity of graphene oxides: Dependence on the oxidative methods used.
Chem.–Eur. J. 2013, 19, 8227–8235. [CrossRef] [PubMed]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

195



polymers

Article

Carrier Transport and Molecular Displacement
Modulated dc Electrical Breakdown of
Polypropylene Nanocomposites

Daomin Min 1,*, Chenyu Yan 1, Rui Mi 1, Chao Ma 1, Yin Huang 1, Shengtao Li 1,*, Qingzhou Wu 2

and Zhaoliang Xing 3

1 State Key Laboratory of Electrical Insulation and Power Equipment, Xi’an Jiaotong University,
Xi’an 710049, China; leo-chenyu.yan@stu.xjtu.edu.cn (C.Y.); mr2017@stu.xjtu.edu.cn (R.M.);
machao2012@stu.xjtu.edu.cn (C.M.); huangxingyin@stu.xjtu.edu.cn (Y.H.)

2 Institute of Fluid Physics, China Academy of Engineering Physics, Mianyang 621900, China;
wuqingzhou@163.com

3 State Key Laboratory of Advanced Power Transmission Technology, Global Energy Interconnection Research
Institute co. Ltd., Beijing 102209, China; zhaoweimei@sgri.sgcc.com.cn

* Correspondence: forrestmin@xjtu.edu.cn (D.M.); sli@mail.xjtu.edu.cn (S.L.);
Tel.: +86-29-8266-3781 (D.M.); +86-29-8266-7849 (S.L.)

Received: 18 September 2018; Accepted: 28 October 2018; Published: 30 October 2018

Abstract: Dielectric energy storage capacitors have advantages such as ultra-high power density,
extremely fast charge and discharge speed, long service lifespan and are significant for pulsed
power system, smart power grid, and power electronics. Polypropylene (PP) is one of the
most widely used dielectric materials for dielectric energy storage capacitors. It is of interest to
investigate how to improve its electrical breakdown strength by nanodoping and the influencing
mechanism of nanodoping on the electrical breakdown properties of polymer nanocomposites.
PP/Al2O3 nanocomposite dielectric materials with various weight fraction of nanoparticles
are fabricated by melt-blending and hot-pressing methods. Thermally stimulated current,
surface potential decay, and dc electrical breakdown experiments show that deep trap properties and
associated molecular chain motion are changed by incorporating nanofillers into polymer matrix,
resulting in the variations in conductivity and dc electrical breakdown field of nanocomposite
dielectrics. Then, a charge transport and molecular displacement modulated electrical breakdown
model is utilized to simulate the dc electrical breakdown behavior. It is found that isolated interfacial
regions formed in nanocomposite dielectrics at relatively low loadings reduce the effective carrier
mobility and strengthen the interaction between molecular chains, hindering the transport of charges
and the displacement of molecular chains with occupied deep traps. Accordingly, the electrical
breakdown strength is enhanced at relatively low loadings. Interfacial regions may overlap in
nanocomposite dielectrics at relatively high loadings so that the effective carrier mobility decreases
and the interaction between molecular chains may be weakened. Consequently, the molecular
motion is accelerated by electric force, leading to the decrease in electrical breakdown strength.
The experiments and simulations reveals that the influence of nanodoping on dc electrical breakdown
properties may origin from the changes in the charge transport and molecular displacement
characteristics caused by interfacial regions in nanocomposite dielectrics.

Keywords: carrier transport; polypropylene nanocomposite; molecular chain motion; electrical
breakdown; electric energy storage
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1. Introduction

With the continuous increase in energy consumption and the gradually deterioration of
environment caused by using fossil energy, sustainable energy technology becomes more and more
important for the energy transformation [1,2]. Energy storage technology is one key issue for
the integration of renewable energies such as wind energy and solar energy to power grid [3].
Dielectric energy storage capacitor has the advantages of ultra-high power density, extremely fast
charge and discharge speed, environment friendly, long service lifespan, and low manufacturing
cost [4], and has a great potential for the application in smart power grid, pulsed power system,
and power electronics [4,5]. Capacitors store and release electric energy via polarization and
depolarization of dielectric materials, which has no mass diffusion process. Consequently, capacitors
can store and release electric energy in a very short period, which means they can provide high
power density for power supply system to tune the peak power output [4–6]. Since no chemical
reactions involve in the storage and release of electric energy and dielectric materials such as
polypropylene (PP), polyester, and polyimide maintain high electrical breakdown strength at relatively
high temperatures, dielectric energy storage capacitor has long cycle life and can operate in high
temperature circumstance [5–7]. However, the energy density of dielectric energy storage capacitors is
very low, limiting its application and miniaturization. It is necessary to develop dielectric materials
with high electrical breakdown strength and high dielectric constant to enhance the energy density of
dielectric energy storage capacitors [4,5].

Incorporating a small amount of nanofillers into polymers to fabricate nanocomposite materials is
an effective approach to enhance their electrical breakdown strength [6,8]. Before the incorporation of
nanofillers into polymers, surface modification of nanofillers and/or chemical grafting modification
of polymers are usually adopted to improve the bonding strength between nanofillers and the
matrices and the dispersion of nanofillers in the matrices [6,8]. Surface modification of nanofillers can
decrease their surface energy and improve their compatibility with matrices. Accordingly, surface
modified nanofillers can disperse more homogeneously in polymer matrices, and nanocomposites
can obtain better electrical performance than neat polymers. The surfaces of MgO, TiO2, Al2O3,
and ZnO nanoparticles were modified by γ-methacryloxypropyltrimethoxysilane firstly, and then were
separately doped in PP matrix to fabricate nanocomposite dielectric materials [9]. Experimental results
revealed that electrical breakdown strengths of all PP nanocomposites increase firstly and then
decrease. PP based TiO2, Al2O3, and ZnO nanocomposite dielectric materials show maximum electrical
breakdown strengths at nanofiller loading of 1 wt %, while PP/MgO nanocomposite samples has the
maximum value at 3 wt % [9]. It was also found that the PP/MgO nanocomposite materials with
a loading of 1 wt % has a remarkable enhancement of dc electrical breakdown strength compared
with PP matrix [10]. In addition, it was found that PP based silica nanocomposite dielectrics have
higher electrical breakdown strengths under both dc and ac ramp voltages [11]. Incorporation of
nanoparticles can enhance the electrical breakdown strength of polymer matrix, but the influencing
mechanism of nanodoping on electrical breakdown strength remains to be investigated.

Interfacial region models for polymer nanocomposite dielectric materials were proposed based on
mesoscopic structure, morphology, molecular motion, crystallization, and electrical properties, and so
forth, demonstrating the direction to unravel the mechanism that how nanodoping enhance the electrical
breakdown strength of polymer nanocomposites [8,12–16]. For example, Lewis proposed an electric double
layer model based on colloidal theory. When nanoparticle loading is relatively low, barriers in electric
double layers impede the migration of carriers, leading to the decrease in conductivity and enhancement in
electrical breakdown strength. With a further increase in nanoparticle loading, overlapping of interfacial
regions appears. This will assist to form conduction path within the bulk of nanocomposites under the
applied voltage and accelerate carrier transport, resulting in the increase in conductivity and the decrease
in electrical breakdown strength [12,13]. In addition, Tanaka et al. proposed a multi-core model and
suggested that interfacial region consists of bonded, bound, and loose layers. Vast deep traps exist in the
regions of bonded and bound layers, while shallow traps mainly exist in the region of loose layer [15,16].
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Furthermore, Li et al. [14] introduced a multi-region model, which indicated that interfacial region is
composed of bonded, transitional, and normal regions. Deep traps mainly are in the bonded and transitional
regions, while shallow traps are mainly located in normal region. It can be inferred from the multi-core
model [15,16] and multi-region model [14] that when a small amount of nanoparticles are doped, deep traps
have dominant effect on electrical breakdown property of nanocomposites. This leads to the decrease in
density and energy of carriers as well as conductivity, resulting in an enhancement in electrical breakdown
strength. When nanoparticle loading further increases, interfacial regions will start to overlap and the effect
brought by shallow traps will be strengthened, resulting in a decrease in electrical breakdown strength.

The increase in energy and/or density of deep traps can suppress charge injection from electrodes.
Consequently, the accumulation of space charges is reduced and the distortion of electric field is
mitigated, leading to an increase in electrical breakdown strength [8,15–18]. When an electric field
of 60 kV mm−1 is applied on the sample for 30 min at room temperature, homo space charges
accumulate at the regions near electrodes. With an increase in nanofiller loading, accumulation
of homo space charges shows a decrease and then is followed by an increase, and distortion of
electric field has the similar profile. Thus dc electric field increases firstly and then decreases [19].
Additionally, for PP/Fullerene nanocomposites, when applying an electric field of 60 kV mm−1 on
the samples, pulsed electro-acoustic (PEA) results indicated that for the sample with a loading of 1 wt
%, accumulation of homo space charges within the sample is effectively suppressed and distortion of
electric field is mitigated. The sample with this nanofiller loading has higher dc electrical breakdown
strength compared with polymeric matrix [20].

In order to investigate the influencing mechanism of nano-doping on electrical breakdown
properties of PP nanocomposite dielectric material, PP/Al2O3 nanocomposites were fabricated and
their trap distribution and dc electrical breakdown properties were measured. The relation between
deep trap properties and dc electrical breakdown strength was analyzed. Then, a model considering
carrier transport and molecular displacement dynamics was utilized to simulate the dc electrical
breakdown behavior of PP nanocomposite dielectric materials.

2. Materials and Methods

2.1. Fabrication of PP/Al2O3 Nanocomposite Materials

Semi-crystalline granular PP homopolymer (BorcleanTM HC312BF) about 3 mm in diameter was
purchased from Borealis, Vienna, Austria. The PP homopolymer has a melt flow rate of 4.4 g/10 min at
190 ◦C/5 kg, an isotactic index of 96%, and a melting temperature of 161–165 ◦C. Nano-Al2O3 particles
about 30 nm in diameter, with purity beyond 99.99% was supplied by Beijing DK nano technology Co.,
Ltd., China. In addition, γ-methacryloxy propyltrimethoxy silane coupling agent (KH570) was also
supplied by Beijing DK nano technology Co., Ltd., China.

Soft agglomeration and hard agglomeration may be formed in inorganic nanparticles in powder
state induced by physical forces such as electrostatic force and Van Der Waals force and by bond
interaction or chemical effect existing among the particles, respectively. Accordingly, nanoparticles
were dried in a vacuum oven at 100 ◦C for 12 h to eliminate humidity inside. Then, nanoparticles
were mixed with ethanol and the mixture was sonicated by an Ultrasonic Oscillator (Xinyi-2400F,
Ningbo Xinyi Ultrasonic Instrument Co., Ltd., Ningbo, China) at a frequency of 40 kHz and a power of
100 W for 30 min around room temperature. After that, the mixture was processed by an Ultra-high
Pressure Homogenizer (SPCH-18, Stansted Fluid Power, Stansted, UK) at a pressure of 40 MPa at room
temperature for 5 times. The treatments by Ultrasonic Oscillator and Ultra-high Pressure Homogenizer
can eliminate the agglomerations of nanoparticles.

Surface modification on nanoparticles by γ-methacryloxy propyltrimethoxy silane coupling agent
can reduce the electrostatic force and increase the compatibilisation and coupling interaction between
nanparticles and PP matrix, which will lead to a more homogeneous dispersion in the polymer matrix.
Firstly, 5 g γ-methacryloxy propyltrimethoxy silane coupling agent was hydrolyzed in 10 g deionized
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water. Hydrolysis reaction of coupling agent was carried out under 80 ◦C with a magnetic stirrer until the
solution was observed transparent. When the solution was transparent, the hydrolysis reaction was nearly
complete. Then, the homogenized mixture was were mixed the hydrolyzed solution of γ-methacryloxy
propyltrimethoxy silane coupling agent. The reaction between nanoparticles and coupling agent was
carried out under 80 ◦C, stirring by a Magnetic Stir for 12 h. Thirdly, the mixture was centrifuged by
a centrifugal machine (HC-3514, Anhui USTC Zonkia Scientific Instruments Co., Ltd., Hefei, China) at
speed of 4000 rmin−1 for 10 min, and then ultrasonic processed for 20 min. The cleaning process was
repeated for 5 times so that extra coupling agent, reaction accessory product, and impurities can be removed.
Subsequently, the mixture was dried under 100 ◦C for 12 h and grinded prior to use.

After the surface modification by γ-methacryloxy propyltrimethoxy silane coupling agent,
nanoparticles were introduced into molten PP matrix and dispersed inside by using a Torque
Rheometer (RC-90, HAAKE PolyLab QC, Waltham, MA, USA). During the melt blending process, the
temperature of Torque Rheometer was set as 175 ◦C and rotation speed was 40 r/min. The melting
blend time was 10 min. A series of PP nanocomposites with various weight fractions of nano-Al2O3

particles, namely, 0.5 wt %, 1 wt % and 2 wt % were prepared. In addition, to ensure the consistency of
samples, neat PP samples were also prepared by the same melting method.

Then, sheet samples were prepared through hot-pressing by Plate Vulcanizing machine
(YT-LH-20B, Yitong Technology Co., Ltd., Shenzhen, China). After preheating for 15 min without
pressure, samples were pressed with a mould under a pressure of 10 MPa at 240 ◦C for 10 min.
Finally, water-cooling process without external pressure was carried out until the samples cool down
to room temperature. The average thickness of samples is about 100 μm with a standard deviation of
3.5 μm. The densities are 0.926, 0.930, 0.937, and 0.946 g/m3 for the samples with loadings of 0 wt %,
0.5 wt %, 1 wt % and 2 wt %, respectively.

2.2. Characterization of PP/Al2O3 Nanocomposite Materials

The dispersion quality of Al2O3 nanoparticles in PP matrix was investigated by a Scanning Electron
Microscope (SEM, GeminiSEM 500, Carl Zeiss AG, Oberkochen, Germany). Dielectric materials
were freeze fractured in liquid nitrogen. Then, the cross section of the freeze fractured samples
were sputtered with Au by an Ion Sputter (MC1000, Hitachi, Ltd., Tokyo, Japan) as the samples are
non-conductive dielectrics. The morphology of fracture surfaces of nanocomposite materials was
observed by the SEM with an accelerating voltage of 5 kV.

Thermally stimulated depolarization current (TSDC, Concept 90, Novocontrol technologies,
Frankfurt, Germany) measurement was carried out on PP/Al2O3 nanocomposite samples to study
their trap distribution properties. Before the TSDC measurements, Au electrodes with diameter of
30 mm were sputtered on both sides of samples. Then the sample was put into the vacuum chamber of
TSDC apparatus. The sample was heated to 80 ◦C and then was polarized under an external applied
voltage of 250 V for 20 min. After the polarization, the sample was cooled down to −40 ◦C by liquid
nitrogen and then short-circuited for 3 min. Afterwards, the sample was heated with a ramping rate of
2 ◦C·min−1 up to 150 ◦C. At the same time, depolarization current was measured by a picoammeter
(6514B, Keithley, Beaverton, OR, USA).

The conductivity property of nanocomposites were investigated by surface potential decay (SPD)
measurement. The experimental process can be divided into surface potential built-up and decay
processes. During the surface potential built-up process, a dielectric sample was charged by corona
produced by a needle-grid electrode system. The needle and grid electrodes were applied voltages
of −13 kV and −3 kV, respectively. Each sample was charged for 3 min. While negative voltage is
applied to the needle electrode, high energy electrons emitted from the needle electrode will migrate
along electric field and then collide with neutral molecules in the air, generating secondary electrons
and positive ions. Then, these electrons can combine with neutral molecules to form negative ions.
Under the effect of negative voltage on gird electrode, negative ions move towards dielectric material
and transfer electrons to the sample surface. After charging process, the needle-grid electrode system
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was moved away and an electrostatic voltmeter probe (3453ST, Trek, Lockport, NY, USA) was moved
to the charging position. Surface potentials of samples were measured by a high-voltage electrostatic
voltmeter (P0865, Trek, Lockport, NY, USA) for 150 min, and recorded by a Labview® program. All the
SPD experiments were carried out at a temperature of 33 ◦C and a humidity of 49 RH%.

DC electrical breakdown fields of PP/Al2O3 nanocomposites were measured by a computer
control voltage breakdown testing apparatus (HJC-100kV, Huayang instrumentation Co., Ltd.,
Yangzhong, China). Sphere-sphere copper electrodes with a diameter of 25 mm were used in dc
electrical breakdown experiments. The experiments were performed in transformer oil (25#, China
National Petroleum Corporation, Karamay, China) at room temperature (around 33 ◦C). A ramp
dc voltage with a rising rate of 2 kV s−1 was applied across the samples until breakdown occurs.
The electrical breakdown voltage when the failure took place was recorded by a computer program.
For each sample, dc electrical breakdown experiments were repeated for fifteen times.

3. Experimental Results

3.1. Morphology of PP/Al2O3 Nanocomposite Materials

Figure 1 depicts the morphology images of fractured surfaces of PP/Al2O3 nanocomposite
samples with various nanofiller loadings. It is observed from Figure 1a that a monodirectional force
trace like a river can be obviously seen on the fracture surface of the sample, and the regions of
fracture surface are very smooth. Therefore, fractured surface of neat PP sample reveals a brittle
fracture. When a small amount of nanofiller is doped, nanofillers are homogeneously dispersed in the
matrix and no agglomeration is observed. With a further increase in nanofiller loading, mean distance
between nanoparticles is gradually decreased. ImageJ was introduced to numerically demonstrate the
nanoparticle dispersion in the matrix. Mean distance between nanofillers obey Gaussian distribution
and are with estimated average values of 623, 435, and 278 nm for PP/Al2O3 samples with loadings of
0.5 wt %, 1 wt %, and 2 wt %, respectively. Results indicate that mean distance between nanoparticles
gradually decreases with an increase in nanofiller loading.

  

  

Figure 1. Morphology images of fracture surfaces of PP/Al2O3 nanocomposites at various nanofiller
loadings, (a) 0 wt %, (b) 0.5 wt %, (c) 1.0 wt %, and (d) 2.0 wt %, observed by a high energy SEM.
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3.2. Trap Properties for Charge Carriers

The TSDC experimental results of PP/Al2O3 nanocomposite dielectric materials are shown in
Figure 2a. Two obvious relaxation peaks are observed in TSDC curves for each sample, which are
located at temperatures of −10 ◦C and 125 ◦C. Another relaxation peak is probably located at around
80 ◦C. Three peaks from high temperature to low temperature are named as peak α, peak β, and peak
γ. It is observed obviously that relaxation peaks α and β of PP nanocomposite dielectric materials are
changed by incorporating different loadings of nanoparticles. For example, peak value of α increases
in magnitude with an increase in nanofiller loading. In order to extract the trapping parameters of
nanocomposite dielectrics, experimental results were analyzed by TSDC equation [21],

jTSC(T) = B exp
[
− Ea

kBT
− 1

βτ0

∫ T

T0

exp
(
− Ea

kBT

)
dT

]
(1)

Here, jTSC(T) is the TSDC current density in Am−2, B is an undermined factor in Am−2, Ea is the
activation energy of relaxation process in eV, τ0 is the relaxation time constant in s, β is heating rate in
K s−1, kB is the Boltzmann constant, T0 is the initial temperature of sample at the beginning of heating
process in ◦C, and T is the temperature of sample after heating in ◦C.

Figure 2a shows that fitting curves with three relaxation processes are in a good agreement with
TSDC experiments and the three relaxation peaks are separated. Peak α at about 125 ◦C is possible
to correspond to the traps that can capture carriers. Peak β at around 83 ◦C may correspond to the
traps that can assist the carrier hopping process in dielectrics. Peak γ with relatively low magnitude is
observed at around −10 ◦C, which may reflect the glass transition process. Traps of peak α indicates
the deep traps while those of peak β are considered as shallow traps. The energy of deep traps
extracted from the TSDC is 0.86 eV for PP/Al2O3 sample with various nanofiller loadings, Similar
results were found by other researchers. The energies of deep traps in polypropylene/propylene
ethylene rubber/ZnO ternary nanocomposites samples with different nanofiller loadings are measured
to be 0.84–0.87 eV by TSDC method [22]. It was also found that the trap energies of neat
PP, polypropylene/propylene-ethylene copolymer, and polypropylene/ethylene-octene copolymer
samples were measured to be around 0.87 eV [19]. In addition, through conduction current
measurement trap energy of neat block polypropylene was calculated to be around 0.92 eV [23].
The relaxation time constant τ0 of relaxation process α changes with the loading, which is 5.79 × 10−9 s
at 0 wt %, 1.20 × 10−8 s at 0.5 wt %, 7.10 × 10−9 s at 1.0 wt %, and 6.20 × 10−9 s at 2.0 wt %. Accordingly,
the retention times of deep trapped charges, τde = τ0exp(Ea/kBT), increases firstly and then decreases
with an increase in nanofiller loading and are 8.45 × 105, 1.76 × 106, 1.04 × 106, and 9.04 × 105 s for
nanocomposite dielectrics at loadings of 0 wt %, 0.5 wt %, 1.0 wt %, and 2.0 wt %, respectively, as show
in Figure 2b.

  

Figure 2. Results of TSDC measurement. (a) Comparison of experimental TSDC and fitting results.
Symbols represent experimental results and solid lines on symbols are corresponding fitting results
calculated by Equation (1). (b) Energy and density of deep traps calculated by Equations (1) and (2) as
a function of nanofiller loading.

201



Polymers 2018, 10, 1207

The density of deep traps corresponds to the peak value of relaxation process α and it can be
figured out by considering parameter B in Equation (1). It can be described by following equation,

NT(ξ) = NT(0)B(ξ)/B(0) (2)

where ξ is the nanofiller loading. The deep trap density of neat PP, NT(0), is assumed to be
1 × 1021 m−3 [24,25]. In this regard, trap densities are 1.25 × 1021, 1.59 × 1021, and 2.81 × 1021 m−3

for PP/Al2O3 sample with loadings of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt %, respectively. Figure 2b
shows the energy and density of deep traps as a function of nanofiller loading. It is indicated that
the energy of deep traps increases firstly and then decreases with an increase in nanofiller loading,
while the density of deep traps increases monotonically.

3.3. DC Conductivity

Figure 3a shows SPD experimental results of PP/Al2O3 nanocomposites. Potential decay rate
increases firstly and then is followed by a decrease with an increase in nanofiller loading. For a film
polymeric dielectric, the decay of surface potential is dominated by the migration of charge carriers
through the material into grounded electrode, so it reflects similar changes in bulk conductivity [26–29].
The bulk conductivity of nanocomposites can be calculated from surface potential measurement results
via the following equation [30]:

γ(φs) = −dφs(t)
dt

ε0εr

φs(t)
(3)

Here, ϕs is surface potential in V, t is the decay time in s, ε0 is the vacuum permittivity in Fm−1,
εr is the relative permittivity of nanocomposites, and γ is the bulk conductivity in Sm−1.

Figure 3b depicts bulk conductivity of nanocomposite dielectrics as a function of nanofiller loading.
The bulk conductivity of neat PP sample is about 4.12 × 10−15 Sm−1. In addition, conductivity has
a decrease and then is followed by a monotonic increase with an increase in nanofiller loading.
Minimum conductivity reaches 9.43 × 10−16 Sm−1 at the nanofiller loading of 0.5 wt %. This trend in
PP nanocomposites was also observed by other researchers [9].
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Figure 3. Experimental results of SPD for PP/Al2O3 nanocomposites with different nanofiller loadings
(a) and conductivity calculated by Equation (3) as a function of nanofiller loading (b).
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3.4. DC Electrical Breakdown Strength of PP Nanocomposites

Electrical breakdown property is generally evaluated by Weibull-distribution. In this work,
two-parameter Weibull-distribution can be expressed as [31],

Pi = 1 − exp
[
−(Fbi/α)β

]
, (i = 1, 2, . . . , n) (4)

Here, i is the electrical breakdown strength array sorted from the small to large, n represents
the testing time for the same sample, Pi is cumulative electrical breakdown probability of the data
numbered with i, which is related to i and n, e.g., Pi = (i − 0.44)/(n + 0.25) [31]. Furthermore, Fb is
the experimental result of dc electrical breakdown field in kV mm−1, α is characteristic electrical
breakdown strength with accumulative probability of 63.2%, and β is shape distribution parameter.

Figure 4 shows the Weibull-distributions of dc electrical breakdown field for PP/Al2O3

nanocomposites at various nanofiller loadings. Fitted by Equation (4), characteristic electrical
breakdown fields Fb were obtained as shown in Figure 4. DC electrical breakdown field has an
increase then is followed by a decrease with an increase in nanofiller loading. The characteristic
electrical breakdown fields are 282, 353, 304 and 285 kV mm−1 for PP/Al2O3 nanocomposites with
loading of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt %, respectively. The maximum value of characteristic
electrical breakdown field appears around 0.5 wt %. The dc electrical breakdown field of PP/Al2O3

nanocomposite material with the loading of 0.5 wt % is 25.2% larger than that of neat PP.

Figure 4. Two-parameter Weibull-distributions of dc electrical breakdown field for PP/Al2O3

nanocomposites with various nanofiller loadings. Symbols represent experimental results of dc
electrical breakdown and solid lines are calculated results using Equation (4).

3.5. Influence of Trap Properties on dc Conductivity and Electrical Breakdown Strength

Figure 5 shows dc conductivity and electrical breakdown strength of PP/Al2O3 nanocomposites as
a function of the retention time of deep trapped charges. Conductivity γ decreases with an increase in
the retention time of deep trapped charges τde. According to Arrhenius equation, γ = γ0τtr/(τtr + τde),
the conductivity is proportional to the reciprocal τde, when τtr is much smaller than τde [31]. Here γ0

is a prefactor of exponential equation and τtr is the mean time period of mobile charge carriers between
two trapping events in s. The retention time of trapped charges at deep trap centers is determined by
trap energy and temperature, τde = τ0exp(ET/kBT) [31,32]. Mobile charges injected from electrodes can
be captured by deep traps and the retention time of trapped carriers at deeper traps is longer. This will
lead to lower conductivity. As an increase in the retention time of trapped carriers, more charges are
trapped at the areas near the interfaces between dielectric material and its electrodes, suppressing the
accumulation of space charges and mitigating the distortion of electric field. Accordingly, electrical
breakdown strength increases with an increase in the retention time of trapped carriers.
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Figure 5. DC conductivity and dc electrical breakdown field of PP/Al2O3 nanocomposites as a function
of the retention time of deep trapped charges. Symbols represent the experimental results, while dash
curves represent the potential types of relations.

Experimental results measured by PEA method indicated that under high electric fields homo
space charges can accumulate in the bulk of PP dielectric material [9,19,20,23]. The accumulation of
space charges results in the distortion of electric field. The accumulation of homo space charges leads to
a decrease in electric fields near the interfaces between the dielectric material and its electrodes and an
increase in electric fields in the middle of bulk [9,19,20,23]. It was also reported that the accumulation
of space charges increases and electric field distortion is much severer with an increase in the applied
electric field [20]. Space charge accumulation and electric field distortion experiments at ultra-high
external electric fields demonstrated that electrical breakdown was initiated when the maximum
distorted electric field exceeds a threshold value [17,33]. In addition, incorporation of a slight amount
nanofillers can suppress the accumulation of space charges in the bulk of material to some extent
and electric field distortion can also be mitigated. The comparison of space charge accumulation
and dc electrical breakdown results between polyethylene nanocomposites with relatively low
nanofiller loadings and neat polyethylene indicated that carrier transport is closely relating to the
electrical breakdown property of dielectric material [17,33]. However, excessive increase in nanofiller
loading can result in an increase in accumulation of space charges and reinforcement in electric field
distortion [8,14]. When nanofiller loading exceeds a threshold value, accumulation of space charges
can even be larger than that in neat sample [9]. The quantitative relation between nanodoping and
electrical breakdown strength is not fully understood in PP nanocomposites. In the following part, a
carrier transport and molecular displacement modulated electrical breakdown model will be used to
investigate the influencing mechanism of incorporating nanoparticles into polymers on dc electrical
breakdown properties.

4. Modelling Analysis of dc Electrical Breakdown of PP Nanocomposites

4.1. Carrier Transport and Molecular Displacement Modulated Electrical Breakdown Model

As shown in Figure 6, a carrier transport and molecular displacement modulated
electrical breakdown (CTMD) model considering five processes, namely charge injection, charge
migration, charge trapping/ detrapping, recombination dynamics, and molecular chain motion is
introduced to investigate the electrical breakdown property of PP/Al2O3 nanocomposite dielectric
materials [18,34–37]. The dielectric materials are clamped by two electrodes, and the cathode and
anode are at the positions of x = 0 and x = d, respectively. Here, d is the thickness of sample. A ramp
voltage with a rising rate of kramp is applied to the material, and the external voltage is the product
of ramping rate and elapsed time of ramping voltage t, which is also the boundary condition of the
CTMD model.

Vappl(t) = krampt (5)
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Here, Vappl is external applied voltage in V, and kramp is the ramp rate of voltage source in V s−1.
Charges in the bulk can be categorized to two types, mobile charges that move in shallow traps

and trapped charges that are captured by deep traps. Charge carriers captured by deep traps will
accumulate space charges in dielectric materials. The accumulation of space charges can result in the
local distortion of electric field F, which is the minus gradient of electric potential φ, namely, F = −∇φ.
The relation between space charges and electric potential can be solved by Poisson’s equation [31],

∂2φ(x, t)
∂x2 = −

e
[
−nfree(e)(x, t)− ntrap(e)(x, t) + nfree(h)(x, t) + ntrap(h)(x, t)

]
ε0εr

(6)

Here, nfree(e) and ntrap(e) are the number densities of negative mobile and negative trapped charges
in m−3, while nfree(h) and ntrap(h) are the number densities of positive mobile and positive trapped
charges in m−3 and e is the elementary charge in C. The boundary conditions are ϕ(0) = 0 V and
ϕ(d,t) = Vappl(t).

Negative and positive charge carriers are assumed to be injected from the cathode and anode,
respectively, into nanocomposite dielectric materials by modified Schottky thermionic emission [38].
The current densities of carrier injections are determined by effective injection barriers between the
dielectric material and its electrodes and electric fields at the interfaces [38].

jin(e)(t) =
2ψ2e2NC

1/3υ0F(0, t)
kBT

exp
(
−Ein(e)

kBT

)
exp f 1/2 (7)

jin(h)(t) =
2ψ2e2NV

1/3υ0F(d, t)
kBT

exp
(
−Ein(h)

kBT

)
exp f 1/2 (8)

Here, jin(e) and jin(h) represent the current densities caused by negative charges injected from the
cathode and positive charges injected from the anode into the nanocomposite material respectively
in A m−2, Ein(e) and Ein(h) are the effective injection barriers for electrons and holes respectively in
eV, NC and NV are the density of states in conduction band and valence band respectively, F(0, t)
and F(d, t) are the electric fields at the interfaces of x = 0 and x = d respectively, and υ0 is the attempt
to escape frequency in s−1, which is the reciprocal of relaxation time constant of trapped charges,
υ0 = 1/τ0. Furthermore, the reduced electric field f is determined by coulomb radius, electric field,
and temperature, which is f = eFrc/kBT. Here rc is the coulomb radius in m, rc = e2/4πε0εrkBT. Then,
the field-dependent parameter ψ can be obtained by ψ(f ) = f−1 + f−1/2 − f−1(1 + 2f 1/2)1/2 [38].

 
Figure 6. Schematic of carrier transport and molecular displacement modulated electrical breakdown
model for polymer nanocomposite dielectric materials. (a) Charge injection, migration, trapping,
detrapping and recombination dynamics in polymer nanocomposites under external electric field.
(b) Molecular chains with occupied deep traps move toward electrodes driven by Coulomb force.
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As demonstrated in Figure 6a, under the application of electric field, the injected electrons and
holes can hop between shallow traps toward the anode and cathode, respectively. The migration of
charge carriers can form conduction currents in the bulk of dielectric martials [18,24,34–36],

jc(e)(x, t) = enfree(e)(x, t)μ0(e)F(x, t) (9)

jc(h)(x, t) = enfree(h)(x, t)μ0(h)F(x, t) (10)

Here, jc(e) and jc(h) represent the conduction current densities formed by electrons and holes in
A m−2, respectively, while μ0(e) and μ0(h) are the carrier mobilities of electrons and holes controlled by
shallow traps in m2 V−1 s−1, respectively.

Mobile charge carriers may be captured by deep traps during their migration, forming space
charges. When trapped charges obtain enough energy, they can be released out of deep traps
via thermal activation process. Traps in the CTMD model are assumed to be with single trap
energy. Recombination occurs when electrons and holes encounter in the bulk of dielectric materials.
Charge migration, trapping, detrapping, and recombination dynamic processes in the bulk obey
conservation law and are described by the following four equations [18,24,34–36]:

∂nfree(e)(x,t)
∂t + 1

e
∂jc(e)(x,t)

∂t = − nfree(e)
τtr(e)

(
1 − ntrap(e)

NT(e)

)
+

ntrap(e)
τde(e)

− Reμ,hμnfree(e)nfree(h) − Reμ,htnfree(e)ntrap(h) (11)

∂ntrap(e)(x, t)
∂t

=
nfree(e)

τtr(e)

(
1 − ntrap(e)

eNT(e)

)
− ntrap(e)

τde(e)
− Ret,hμntrap(e)nfree(h) (12)

∂nfree(h)(x,t)
∂t + 1

e
∂jc(h)(x,t)

∂t = − nfree(h)
τtr(h)

(
1 − ntrap(h)

NT(h)

)
+

ntrap(h)
τde(h)

− Reμ,hμnfree(e)nfree(h) − Ret,hμntrap(e)nfree(h) (13)

∂ntrap(h)(x, t)
∂t

=
nfree(h)

τtr(h)

(
1 − ntrap(h)

NT(h)

)
− ntrap(h)

τde(h)
− Reμ,htnfree(e)ntrap(h) (14)

Here, NT is the density of deep traps in m−3, while Reμ,hμ, Ret,ht and Ret,hμ are the recombination
coefficients in m3C−1s−1. Based on the Langevin recombination model [39], recombination coefficient
between free electrons and free holes can be expressed as, Reμ,hμ = (μ0(e) + μ0(h))/eε0εr. According to
Shockley-Read-Hall model [40,41], trap-assisted recombination coefficients between free electrons and
trapped holes and that between trapped-electron and free-hole can be expressed as, Reμ,ht = μ0(e)/eε0εr

and Ret,hμ = μ0(h)/eε0εr, respectively. The units of Reμ,hμ, Ret,ht and Ret,hμ are all in m3C−2s−1.
Both molecular chains with dipole moment and those with occupied deep traps can move under

the external electric field driven by electric forces [37,42,43]. As shown in Figure 6b, molecular chains
with deep traps occupied by electrons will move toward the anode, while those with deep traps
occupied by holes will move toward the cathode. The displacement of a molecular chain depends on
the retention time of charges in trap centers which determines the duration of electric force acted on the
molecular chain. The retention time of charges in deep traps is longer than that of charges in shallow
traps, accordingly, the electric force acts a longer period on molecular chains with occupied deep
traps. The velocity equation for the motion of a molecular chain with trapped charges is expressed
as [37,42,43],

dλ/dt = μmolF − λ/τmol (15)

Here, λ is the displacement of a molecular chain in m, while μmol is the mobility of molecular
chains in m2V−1s−1, which is determined by the carrier mobility hopping among shallow traps and
the trapping of deep traps, namely μmol = μ0τtr/(τtr + τde). Furthermore, τmol is the relaxation
time constant of molecular chains in s, which equals the retention time of charges in deep traps,
τmol = τ0exp(ET/kBT).

The displacement of molecular chains with occupied deep traps will enlarge the local free volume
in nanocomposite dielectric materials. When the energy of electrons gained from electric field in the
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enlarged free volume exceeds a threshold value, the energy of deep traps, electrical breakdown would
be triggered [34,44]. Since the displacement of a molecular chain with occupied deep traps would
determine the electrical breakdown process, in the following numerical simulations we focus on the
motion of molecular chains with deep traps.

4.2. Parameters and Numerical Computation Methods

The temperature and thickness of samples are the same as those in experiments, which are
33 ◦C, and 100 μm, respectively. The relative permittivity is 2.3 measured by broadband frequency
spectrometer (Concept 80 Novocontrol, Germany) at a frequency of 1 MHz at room temperature. In
addition, the carrier mobilities of electrons and holes controlled by shallow traps both are assumed
to be 1 × 10−13 m2V−1s−1 [24,45]. The effective carrier mobility will be modulated by the trapping
and detrapping dynamics of deep traps. The energy and density of deep traps and the relaxation time
constant of charges in deep traps were characterized by TSDC apparatus for PP/Al2O3 nanocomposite
dielectric materials and their results shown in Figure 2b are used in simulations. The charge injection
from metal electrode into dielectric materials is influenced by surface states such as surface traps and
dipoles of dielectrics, which has been evidenced by experiments [32,46] and calculation results of
density functional theory [47,48]. It was proposed that charges on metal electrode may transfer to
deep surface traps and then are injected into the conduction band via thermal-field activation [47,48].
Consequently, the effective injection barriers for electrons and holes are assumed to be the same as
the energy of deep traps, which are 0.86 eV. The trapping coefficients of deep traps which is the
reciprocal of mean time period of mobile charge carriers between two trapping events are assumed to
be 0.085 s−1 [24,45].

Nanocomposite dielectric materials with the thickness of 100 μm is divided into 500 parts, namely,
each part Δx is 0.2 μm. The computation time step Δt is set as 1 ms. High order accuracy and stable
Runge-Kutta Discontinuous Galerkin method was utilized to solve the charge continuity Equations (11)
to (14) [49–51]. Poisson’s Equation (6) was solved numerically by Finite Element method. Computed by
the CTMD model, dc electrical breakdown strength and distributions of space charges, electric fields,
and molecular displacement can be obtained.

4.3. Simulation Results and Discussion

Figure 7a demonstrates the distributions of space charges accumulated in neat PP dielectric
materials at various times after the application of a ramp voltage. The cathode and anode are at
the positions of x = 0 and x = 100 μm, respectively. Under high electric fields, homo space charges
accumulate near the interfaces between dielectric material and its electrodes. With an increase in time,
the voltage applied on samples increases with time at a set ramping rate, namely Vappl = kramptramp.
Charges are injected into the dielectric material continuously, thus homo space charges accumulated
monotonically with time. For example, the space charge density near the cathode is 2.6 Cm−3 at 5 s,
37.5 Cm−3 at 10 s, and 107.6 C m−3 at 14 s for neat PP dielectric material. Space charges are gradually
decreased from the interfaces near electrodes to the middle of bulk, and a large amount of space
charges accumulate at the interfaces near electrodes. Figure 7b shows the distributions of electric fields
in neat PP dielectric materials at various times after the application of a ramp voltage. Electric fields
tend to be strengthened as a result of an increase in time or applied voltage. The homo space charges
accumulated at the interfaces build up an electric field in an inverse direction with applied electric
field according to Poisson’s equation, resulting in that the electric fields gradually increase from the
interfaces between dielectric material and its electrodes to the middle of bulk. Therefore, the electric
field near the interfaces are reduced, while electric fields in the middle of the bulk are enhanced.
The electric field in the middle of neat PP material is 99.6 kV mm−1 at 5 s, 212.2 kV mm−1 at 10 s,
and 310.6 kV mm−1 at 14 s. The simulation results are consistent with experimental results of space
charge and electric field distributions in PP dielectric material [9,19,20,23].
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Figure 7. Numerical results of space charge distribution profiles (a), electric field distribution profiles
(b), molecular displacement distribution profiles (c), and electron energy distribution profiles (d) as a
function of time in neat PP dielectric material.

According to the motion dynamics of molecular chains with occupied deep traps, namely Equation
(15), molecular displacement increases with increasing the electric field and time as shown in Figure 7c.
When the first term in the right part of Equation (15) dominates the motion dynamics of molecular
chains, the Equation can be simplified to be dλ/dt = μmolF. If we do not consider the distortion of
electric field caused by space charges, we can obtain the time dependent molecular displacement
λ = (krampμmol/2d)t2, by replacing F by krampt/d and considering the initial condition λ(t = 0) = 0.
It indicates that λ is proportional to the square of time. When the distortion of electric field is
considered, we will obtain similar distributions of molecular displacement to those of electric field.
The maximum local λ is 0.34 nm at 5 s, 1.33 nm at 10 s, and 2.71 nm at 14 s. As some molecular chains
with occupied deep traps move towards electrodes driven by electric force, the free volume around
the molecular chains would be enlarged. It is assumed that the length of local free volume equals
to the displacement of a molecular chain with occupied deep traps. Mobile charges migrate in the
free volume can gain energy from electric field, and their energy w is determined by both the local
electric field F and the length of free volume λ, namely w = eFλ. The distribution of electron energy
gain in free volume is shown in Figure 7d. The electron energy gain in the middle of the neat PP
material is 0.03 eV at 5 s, 0.27 eV at 10 s, and 0.83 eV at 14 s. When the maximum energy of electrons
gained from electric field in a free volume exceeds the energy of deep traps, electrons will transport
freely in the dielectric material without trapping. The local current density would be high enough to
trigger electrical breakdown inside the material. In addition, the electrical breakdown is initiated at
the position with the highest electric field.

Incorporating nanofillers into polymer can form interfacial regions or interaction zones. It has
been suggested that these interfacial regions can vary the trap properties, which will change charge
transport, the accumulation of space charges, and electrical breakdown properties. Interfacial regions
exist between nanoparticles and polymer matrix has been evidenced by the results of differential
scanning calorimetry and transmission electron microscopy [52], images of atomic force microscopy
and electrostatic force microscopy [53], dielectric spectroscopy [54], and so on. The mesoscopic
structure of interfacial regions is influenced by the molecular structure, polarity, cohesion energy of
polymers, and by the type, polarity, crystal structure, surface functionalization of nanofillers [8,14].
From the viewpoint of mesoscopic structures, interfacial regions around nanoparticles can generally
be divided into several sub-regions, which are bonded, transitional, and normal regions as shown in
Figure 8 [14]. When unsaturated bonds, hydrogen bonds, and other organic groups are introduced
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on the surface of nanoparticles, strong interaction between nanoparticles and polymeric matrix can
be formed via covalent and hydrogen bonds. A tight coupling region or bonded region is generated
around nanoparticles with a thickness of about one to several nm. The interaction intensity between
nanoparticles and polymer matrix in bonded region is affected by the surface properties and polarity
of nanoparticles as well as the characteristic of polymer. The treatment of nanoparticles by silane
coupling agent can reinforce the interaction intensity in bonded region. Moreover, a transitional
region is formed by regular arranged molecular chains extended from the bonded region to tens of
nm. The bonded and transitional regions can change the morphology and crystallinity of polymer
nanocomposites. A normal region exists in the area extended from the transitional region to tens of
nm, and it has similar properties to polymer matrix [14].

 

Figure 8. Schematic diagram of interfacial region around nanoparticles in PP/Al2O3 nanocomposites;
(a) multi-region model of interfacial region, (b) charge carrier transport through an isolated interfacial
region, and (c) charge carrier transport through overlapped interfacial regions.

It was suggested that deep traps may be introduced in the bonded and transitional regions and
shallow traps may exist in the normal region, as shown in Figure 8b [6,8,14–16]. It was indicated
that deep traps dominate the short-term electrical properties of nanocomposites at relatively low
nanofiller loadings, while shallow traps play an important role in the long-term electrical properties
at relatively high nanofiller loadings [6,8,14–16]. At relatively lower nanofiller loadings, isolated
interfacial regions are formed in polymer nanocomposite dielectrics. Deep traps in the bonded and
transitional regions can capture mobile charges effectively so that the migration of charge carriers
is decelerated. Moreover, deep traps formed in isolated interfacial regions near the surfaces of
dielectric materials can hinder the charge injections from electrodes into nanocomposite dielectrics.
Figure 9a demonstrates the distribution profiles of space charges accumulated in nanocomposite
dielectric materials with nanofiller loadings of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt % at the application
time of 14 s (namely Vappl = 28 kV). The space charge density decreases firstly and then increases
with an increase in nanofiller loading. The space charge density near the interface between dielectric
material and anode is 107.0 Cm−3 at the loading of 0 wt %, 79.9 Cm−3 at 0.5 wt %, 99.6 Cm−3 at 1.0
wt %, and 105.2 Cm−3 at 2.0 wt %. According to Poisson’s Equation (6), the more space charges are
accumulated inside dielectric materials, the more severely electric field will be distorted. Figure 9b
shows the distributions of electric fields in nanocomposite dielectric materials with nanofiller loadings
of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt % at the application voltage of 28 kV. The distortion coefficient
that is defined by the maximum electric field divided by the minimum one is 1.49 at the loading of
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0 wt %, 1.36 at 0.5 wt %, 1.45 at 1.0 wt %, and 1.48 at 2.0 wt %. The simulated distributions of space
charges and electric fields changed by nanodoping is similar to previous findings [9,20].

  

Figure 9. Distributions of space charge density (a) and electric field (b) at the application time of 14 s
(namely Vappl = 28 kV) for nanocomposite dielectric materials at various nanofiller loadings.

The molecular chain with occupied deep traps will move under the electric field. Figure 10a
shows the distributions of molecular chain displacement in nanocomposite dielectric materials with
nanofiller loadings of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt % at elapsed time of 14 s after the application
of a ramp voltage. The maximum displacements of molecular chains with occupied deep electron
traps are 2.71, 1.29, 2.20, and 2.52 nm in PP nanocomposite dielectric materials with nanofiller loadings
of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt % respectively, after applying a ramp voltage for 14 s. The motion
of molecular chains with occupied deep traps is modulated by the intermolecular interactions, which
is changed by the variation of nanofiller loading [55]. At low nanofiller loadings, the interactions
between nanoparticles and polymer matrix increase the friction among molecular chains. Accordingly,
the molecular mobility decreases or the relaxation time of molecular chains increases with an increase
in nanofiller loading [55], as demonstrated in Figure 6b. When the nanofiller loading exceeds a critic
value, the mean distance between two neighbor nanoparticles is very small and a polymer-mediated
nanoparticle network will be formed. The molecular chain dynamics may transform from polymer-like
to gel-like. The relaxation time of molecular chains decreases with nanofiller loading above a critic
value [55]. Consequently, the motion velocity of molecular chains decreases firstly and then increases
with the increase in nanofiller loading.
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Figure 10. Distributions of molecular displacement (a) and electron energy (b) at the application time
of 14 s (namely Vappl = 28 kV) for nanocomposite dielectric materials at various nanofiller loadings.

The molecular chain displacement may result in the increase in the length of free volume in
dielectric materials [34,56,57]. It is assumed that the length of free volume is very small in the initial
state for PP nanocomposite dielectric materials at room temperature. Therefore, the length of free
volume λ is equal to the displacement value of molecular chains under the applied electric field.
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The molecular chain displacement or the length of free volume increase with the applied voltage
increases. The increases in both local electric field and molecular chain displacement lead to the
increase in the energy of electrons gained from electric field in the free volume. Figure 10b shows a
comparison of electron energy gain distributions in PP nanocomposite dielectric materials. The energy
of electrons gained from electric field in free volume enlarged by molecular chain displacement
decreases firstly and then increases with an increase in nanofiller loading. The maximum energies of
electrons in PP nanocomposite dielectric materials with nanofiller loadings of 0 wt %, 0.5 wt %, 1 wt %,
and 2 wt % after applying a ramp voltage for 14 s are 0.83, 0.39, 0.67, and 0.78 eV respectively.

Figure 11a demonstrates the maximum energy of electrons gained from electric field in free
volume enlarged by the displacement of molecular chains of PP nanocomposites at various nanofiller
loadings according to the calculations by the CTMD model. Electron energy gain is determined
by both electric field and the length of free volume. The electric field in nanocomposites increases
with the application time of ramp voltage and the maximum local electric field is enhanced by the
accumulation of homo space charges. Moreover, the free volume is enlarged by the displacement of
molecular chains with occupied deep traps. In other words, the length of free volume, the integration
of the product of electric field and the effective mobility of molecular chain over time, increases
with time. The effects of both the enhanced electric field and the enlarged free volume result in
the increase in the energy gain of electrons. When the maximum electron energy wmax = (eFλ)max

exceeds the trap energy level ET, mobile charge carriers will migrate in dielectric materials without
trapping by deep traps, resulting in the multiplication of local currents and the sudden rise of
local temperature. Eventually, electrical breakdown would be triggered [31,44]. Since the motion
of molecular chains is restricted by nanoparticles in nanocomposites with relatively lower loadings, the
molecular displacement is smaller than that of neat PP as shown in Figure 11b. It indicates that the local
free volume is enlarged slower in lightly doped nanocomposites than that in neat PP. Nevertheless,
when nanofiller loading is higher than 0.5 wt %, the molecular displacement as well as the local free
volume increase with increasing the nanofiller loading. Since dc electrical breakdown is triggered
when the maximum electron energy, the product of local free volume and electric field, exceeds a
critical value, the maximum electric field at pre-breakdown is inversely proportional to the free volume
or molecular displacement as demonstrated in Figure 11b. Therefore, the breakdown electric field
increases firstly and then decreases with an increase in nanofiller loading.
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Figure 11. Numerical results of time-dependent maximum electron energy in nanocomposites at
various nanofiller loadings (a) and maximum molecular displacement and maximum local electric field
as a function of nanofiller loading at pre-breakdown (b).

Figure 12 shows the comparison of characteristic electrical breakdown strength of experimental
and simulation results. It is found that simulation results are in a good agreement with experimental
results as shown in Figure 4. The calculated results of dc electrical breakdown strength are 282.1,
358.1, 324.7, and 292.4 kV mm−1 for PP/Al2O3 nanocomposite dielectric materials with nanofiller
loadings of 0 wt %, 0.5 wt %, 1 wt %, and 2 wt %, respectively. It indicates that the CTMD model
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consisting dynamics of charge transport and molecular chain displacement can well interpret the
nanofiller loading dependent dc electrical breakdown experiments of PP nanocomposite dielectrics.

 

Figure 12. Comparison of experimental and simulation results of dc electrical breakdown field.

5. Conclusions

The influencing mechanism of nanodoping on dc electrical breakdown properties of PP/Al2O3

nanocomposite dielectric materials were investigated by experiments and simulations. Nanocomposite
dielectric materials with various nanofiller loadings were prepared by melt-blending and hot-pressing
methods and nanofillers are homogeneously dispersed in the matrix as indicated in SEM images.
Experiments of thermally stimulated current, surface potential decay, and dc electrical breakdown
show that incorporating a small amount of nanofillers into polymer matrix increases the retention
time of deep trapped charges and hinders the charge transport in nanocomposite dielectrics, resulting
in the enhancement of dc electrical breakdown field. Based on the experimental results, a model
considering charge transport dynamics and the displacement of molecular chains with occupied deep
traps was utilized to simulate the dc electrical breakdown behavior of nanocomposite dielectrics. When
the electron energy gain from electric field in free volume enlarged by the molecular displacement
exceeds the potential barrier, electrical breakdown would be triggered. It was found that the electrical
breakdown field increases firstly and then decreases with an increase in nanofiller loading. At relatively
low loadings isolated interfacial regions are formed in nanocomposite dielectrics, resulting in the
increases in the retention time of deep trapped charges and the interaction between molecular chains.
Accordingly, the transport of charges and the displacement of molecular chains with occupied deep
traps are hindered, which can enhance the electrical breakdown strength. At relatively high loadings
interfacial regions may overlap in nanocomposite dielectrics so that the retention time of deep
trapped charges decreases. The molecular chain dynamics may transform from polymer-like to
gel-like and the interaction between molecular chains may be weakened, causing the acceleration of
molecular motion driven by electric force and the decrease in electrical breakdown strength. It was
concluded that the changes in the charge transport and molecular displacement characteristics affected
by nanodoping may be the influencing mechanism of dc electrical breakdown properties of PP
nanocomposite dielectrics.
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Abstract: This review represents a comprehensive study of nanocomposites for power cables
insulations based on thermoplastic polymers such as polyethylene congeners like LDPE, HDPE
and XLPE, which is complemented by original results. Particular focus lies on the structure-property
relationships of nanocomposites and the materials’ design with the corresponding electrical properties.
The critical factors, which contribute to the degradation or improvement of the electrical performance
of such cable insulations, are discussed in detail; in particular, properties such as electrical
conductivity, relative permittivity, dielectric losses, partial discharges, space charge, electrical and
water tree resistance behavior and electric breakdown of such nanocomposites based on thermoplastic
polymers are described and referred to the composites’ structures. This review is motivated by the
fact that the development of polymer nanocomposites for power cables insulation is based on
understanding more closely the aging mechanisms and the behavior of nanocomposites under
operating stresses.

Keywords: thermoplastic nanocomposite; polyethylene; power cable insulation; electrical property;
structure-property relationship

1. Introduction

High-voltage industry undergoes continuous development and modernization of power grid
systems in order to yield reliable, cost-effective and environmentally harmless power solutions [1].
Energy power transportation across the seas and inland is targeted to be performed in particular by
extruded polymer-based cables. Underground and submarine cables are used since the early stages of
electricity transmission and distribution [2]. However, in regions where it is difficult or impossible
to implement the overhead transmission network (i.e., densely populated zones or underwater and
underground tunnels connections), high-voltage alternate current (HVAC) and high-voltage direct
current (HVDC) cable networks are developed to meet the increasing capacity (Figure 1) [1]. In order
to increase their levels of operating voltage and to enhance their electrical performance, it is necessary
to introduce the next generation of cable insulation materials [3].

Fifty years ago, paper-insulated and oil-impregnated low-voltage (LV), medium-voltage (MV)
and high voltage (HV) underground cables were used [4]. An important development took place
in the 1960s, when mineral impregnation oil was mixed with small quantities of natural resin or
microcrystalline petroleum wax for increasing the viscosity and avoiding the migration of impregnated
oil through the cable during the heat evolvement generated by the current. Due to the significant
changes in height of cables, another solution was provided by blending synthetic poly(iso-butylene)
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with microcrystalline wax using special manufacturing techniques for mass-impregnated non-draining
cables above 33 kV.

 
Figure 1. Different types of power cables used for electricity transmission and distribution.

By using polymers such as polyethylene (PE), ethylene-propylene rubber (EPR) or ethylene-
propylene-diene-monomer rubber (EPDM), it was possible to obtain high and very high voltage
cables (Extra High Voltage Cables EHVC), with a low level of partial discharges, easy maintenance
and remarkable longevity. The various process steps for the production of cables containing
thermoplast-based insulations are provided in Figure 2.

 

Figure 2. Typical process steps for the production of (a) wires, (b) power cables and (c) armour power
cables employing thermoplast-based polymers as insulation. Redrawn and adapted from reference [5].

PE was the most suitable insulation material (comprising low permittivity and high electrical
breakdown strength) in the cables production in the late 1960s and early 1970s [4]. However, PE suffers
from two major drawbacks: (i) the limitation of the maximum operating temperature, which is around
70 ◦C and (ii) the necessity to add antioxidants in order to avoid deterioration of the polymer-based
insulation. Taking into consideration these aspects, a new solution was found by crosslinking of PE
(yielding XLPE), which improved both, thermal resistance and ageing stability of the material due
to the formation of the 3D network. The crosslinking additives such as dicumyl peroxide should not
degrade the electrical performance of the crosslinked material [4]. Initially, cables based on XLPE
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were manufactured on continuous vulcanization lines, using steam for heating and pressurizing
production stages and water under pressure for cooling. Later, it was found that the presence of steam
during the crosslinking process introduced a high level of moisture in the cable insulation, resulting
in the formation of microvoids in which electrical and/or water trees were developed, resulting in
premature breakdown of the insulation. Hence, steam was removed from the production process.
A new manufacturing process was developed involving electrical heating and pressurizing with dry
nitrogen in a continuous vulcanization line. At that time, water was still used for cooling but was
later eliminated from any stage of the process and generally removed as cooling method. Since the
1980s, the failure rates of XLPE cables have decreased significantly by the introduction of these new
production techniques [4]. Since then, the development of XLPE for LV, HV and EHV cables with
enhanced insulation quality and properties has resulted from the production of materials with fewer
impurities as well as the reduction of negative effects generated by the presence of contaminants
and by-products of the radical crosslinking. Other approaches involve the introduction of special
tree-retardant grades of XLPE, development of colorants for the cable cores, improvement of the
compatibility between XLPE and semiconductive materials for cable screens by reduction of the size of
carbon black particles and the elimination of ionic contaminants [1,4].

Nowadays, XLPE cables are commonly applied but it becomes more and more difficult to improve
the insulation quality, mainly due to high costs involved in the production of purer materials, which
stimulates the demand for exploring other possibilities such as polymer-based nanocomposites for
obtaining the targeted improvements. While paper-insulated and oil-filled cables for AC and DC
applications are very easy to be used, conventional AC-XLPE insulated cables cannot be employed for
DC because the electrical conductivity varies with temperature and electric field and, in particular,
due to space charge accumulation [4]. For underground power cables insulation, other copolymers
of ethylene and propylene (EPR) and terpolymers of ethylene, propylene and a diene component
(EPDM) are typically applied [6]. They are highly filled and opaque elastomers due to their chemical
and physical properties (e.g., sensitivity to heat, oxidation, ozone and weather, insolubility in many
polar solvents, etc.). EPR and EPDM are flexible even at low temperatures (amorphous forms of EPR)
and exhibit a certain level of tree retardancy, however at the drawback of some electrical properties
(i.e., higher dissipation factor) [6].

Today, on-going research activities aim at the application of new polymer materials with
or without nanoparticles (e.g., LDPE/metal oxides nanocomposites containing additional voltage
stabilizers), processed by modern methods, which are very promising materials for the future of cables
insulation for DC and AC applications.

This publication provides a review of the most important thermoplast-based nanocomposites
(i.e., based on LDPE, HDPE, XLPE) used as power cables insulation, starting with their chemical
structure, addressing their electrical properties and establishing structure-property-relationships.
Particularly for cables insulations based on nanocomposites, the critical factors, which are contributing
to the degradation or improvement of the electrical performance under stress, are discussed, with
a particular focus on the influence of nanofillers and additives on the electrical properties of the
cables’ insulation.

2. Critical Challenges of Polymer-Based Nanocomposites in Industrial Applications

The replacement of LDPE (thermoplastic polymer) with XLPE (thermosetting polymer) enhanced
the thermomechanical properties of power cable insulations. Due to the crosslinking process, the
thermal stability, and, hence, the long-term operation in service, was significantly improved from 70 to
90 ◦C [7]. XLPE is being able to withstand even short circuit conditions for a few seconds with conductor
temperatures over 200 ◦C [8]. However, in the case of XLPE, the modulus is reduced by several orders
of magnitude at operating temperatures between 90 and 100 ◦C [9]. Power cable insulations with low
modulus are prone to irreversible mechanical damage during operation [10]. Currently, conventional
XLPE is at the limit of capabilities, both in terms of purity (which influences the electrical properties,
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especially the electrical conductivity [11]) and thermal stability (which determines the maximum
operating temperature). In order to obtain insulations with higher operating temperatures, which
allow higher current densities through conductors, there are two important directions. On the one
hand, PE could be replaced by other polymers such as EPR/EPM, PP and copolymers of PE and PP.
In particular, the P-Laser cable represents a breakthrough in power cable systems; it is based on the
high-performance thermoplastic elastomer HPTE [12]. On the other hand, nanocomposites based on PE
or PP and organic or inorganic fillers can be used. Nanoparticles have a larger interfacial area compared
to microsized particles, which strongly influences and determines the properties of nanocomposite
materials, even at low volume concentration of such fillers (Figure 3) [13–16]. The performance of
polymer-based nanocomposites is affected by particle agglomerations since nanoparticles have a strong
tendency to aggregate (in particular if polar particles such as silica are dispersed in a non-polar polymer
matrix such as PE). In order to avoid agglomeration and to maintain the stability of the nanoparticles
within the polymer matrix, they are often surface-functionalized [14,17]. Carefully tailored interfaces
of the incorporated nanoparticles enable the preparation of insulating nanocomposites with properties
that exceed those of HVDC cables (from 320 to 800 kV), which are applied in industry nowadays.

 

Figure 3. Schematic representation of polymers nanocomposites used for power cable insulation and
the influence of the interface on their properties.

Although XLPE technologies are widely adopted and expected to be continuously used in the
future [10], the introduction of PE-based nanocomposites for power cables insulation is a solution
taken into consideration by many cable manufacturers. For commercial use, nanocomposites have
to fulfil several requirements involving improved thermomechanical and electrical properties and
sustainable economic and environmental characteristics. For AC cables and their joints, the polymeric
materials must exhibit, among other things, low electrical conductivity, tailor-made permittivity and
low loss factor, high dielectric breakdown strength, partial discharge resistance, absence of electric
and electrochemical treeing, stability at higher operating temperatures, and so forth. In the case of
HVDC, the insulating materials must meet two additional essential requirements: (i) low variations in
electrical conductivity with varying temperature and electric field intensity and (ii) low space charge
accumulation [7,18].

The experimental studies revealed that the introduction of nanoparticles such as Al2O3, SiO2,
TiO2, MgO, ZnO, carbon black, graphene, graphene oxide and so forth, lead to a significant increase
in electrical resistivity (1-2 orders of magnitude [18]) and dielectric rigidity. A reduction of space
charge accumulation and an increased resistance to the action of partial discharges as well as electric
and water treeing were also observed. In addition to choosing the type and concentration of the
particles, the properties of the nanocomposites can be conveniently adjusted by surface modification
of the nanoparticles [19]. Generally, the effect of nanoparticles on reducing the electrical conductivity
values and space charge accumulation is stronger if their surfaces were covered or treated by, for
example, chemical modification. For example, in the case of LDPE nanocomposites with silane-coated
Al2O3 nanoparticles (50 nm in diameter), the electrical conductivity dropped 50 times to that of
LDPE. The greatest reduction in conductivity by two orders of magnitude was achieved by using a
treatment with n-octyl-bearing silanes [20]. It should be noted that the introduction of nanoparticles
in order to improve selected properties might adversely affect other properties of the composites.
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For example, the introduction of carbon black CB in LDPE causes a reduction of space charge injection
and field distortion but can decrease the DC breakdown strength of the nanocomposite (the dielectric
permittivity and dielectric loss remaining adjacent to LDPE without CB) [21].

The maximum value of space charge density accumulated in HVDC insulation must be relatively
low in order to ensure higher reliability and long-term life performance [22]. In this case, the maximum
electric field must be below the threshold for space charge accumulation [22,23]. In fact, for all the
simulations on the behavior of HVDC cables, it was considered that the cables operate below the
threshold for space charge accumulation (the cables are space charge free), except for the charge
distribution that is the result of a temperature gradient in the insulation [22]. As mentioned above,
this can be accomplished by introducing nanostructured materials based on XLPE filled with SiO2 or
MgO nanoparticles [24]. On the other hand, the presence of moisture leads to a deterioration of the
electrical properties of polymer-based nanocomposites (in particular, reduced breakdown strength and
increased losses) [25–27]. In order to reduce the influence of humidity, a treatment of the nanoparticles
can be performed, as shown in literature for MgO nanoparticles [28]. Increasing the moisture resistance
of nanoparticles is due to a covalent attachment of functional silanes, which is carried out as an
intermediate step after a low-temperature thermal decomposition of Mg(OH)2. It was found that
moisture-resistant MgO nanoparticles retained their phase/structure even after extended exposure to
humidity and that the addition of these nanoparticles in 1 wt % quantity into a LDPE matrix resulted
in a significant increase of the electrical resistivity [28].

The use of PE based nanocomposites for commercially available high-voltage cable insulations is
still in its infancy. This is due to, among other things, reduced quantities of nanodielectrics and the
fact that the improvements of certain properties of these materials (electrical, thermal properties, etc.)
are not always valid for other properties (mechanical properties, etc.) [29]. However, the realization
of the first XLPE nanocomposite cables insulation (XLPE with MgO) should be emphasized, namely
the ± 250 kV Hokkaido-Honshu LCC HVDC cable link in 2012 [30–32] and the ± 400 kV ones, which
will be put into operation in a project connecting England and Belgium in 2019 [18]. The effect of
MgO on reducing the electrical conductivity is more pronounced than that of SiO2 because MgO
has a higher relative permittivity of εr = 9.8 compared to that of SiO2 of εr = 3.9 [18]. It should be
noted that the documentation regarding the space charge behavior or mitigation on production-size
transmission-class HVDC extruded cables are not yet available [24]. It should be evidenced that a
combination of the data availability regarding the applications of nanocomposites and the commercial
availability of ultra-clean XLPE enables the future development of HVDC cables with ultra-high
voltage rating [33].

In the case of DC cables junctions with two polymer layers, it is also necessary to consider the
reduction or even cancellation of superficial charge accumulated in their interfaces. For this purpose,
XLPE and nanocomposite layers of EPDM with SiC can be used [34]. It should be noted, however, that
the accumulated charge density increases upon the application of voltage and then decreases until
cancellation [34]. The introduction of nanoparticles into PE can also lead to an improvement of the
thermal conductivity of cable insulation, an important requirement for reducing their thermal ageing.
For example, in the case of LDPE and polyhedral oligomeric silesquioxanes (POS) nanocomposites, an
increase in thermal conductivity was achieved by approx. 8%, while the dielectric rigidity remained
unmodified and the corona discharge resistance increased [35]. In addition, the introduction of
boron nitride (BN) particles into LDPE resulted in an increase of the thermal conductivity of up to
1 W·m−1·K−1 at a filler loading of 40 wt % [36].

Although a series of PE-based nanocomposites with electrical and/or thermal properties superior
to the unfilled polymer have been achieved, the introduction of these new materials into the current
production of power cables requires the performance of extensive testing and life modelling to
investigate both the space charge trapping properties and the long-term life performance, in order to
define suitable levels for the design field and reach cost-effective designs associated with the desired
life and reliability levels [22].
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3. Polymers for Power Cable Insulations

In the field of MV and HV cables, cable jackets and semiconducting layers, extruded polymers are
commonly used. Benefiting from low raw material and processing costs together with high reliability
and adequate material performance, polyethylene (PE) and, in particular, crosslinked polyethylene
(XLPE) are widely applied [37]. Other polyolefins such as syndiotactic polypropylene (PP) have been
reported to exhibit good insulating properties but the high cost of the material hinders widespread
application [38]. Along with homopolymers, also blends of different types of polyolefins, copolymers
such as ethylene propylene rubber (EPR) and ethylene propylene diene rubber (EPDM) are employed
as extrudable dielectric materials. The chemical structures of selected polymers are shown in Figure 4.

Figure 4. Chemical structure of polymers used as extrudable dielectric materials. PE: polyethylene; PP:
polypropylene; EPM: ethylene propylene rubber; EPDM: ethylene propylene diene monomer rubber.

3.1. Power Cable Insulations Based on Polyethylene (PE)

Polyethylene comprises a saturated carbon-carbon backbone and is a typical thermoplast, which
means that the polymer melts when heated above its melting point. The type of branching, the crystal
structure and the molecular weight of the polymer chains mainly govern the material properties of
PE (Figure 5). The most prominent types are low-density polyethylene (LDPE) with a considerable
number of short-and long-chain branching, linear low-density PE (LLDPE) with a significant degree
of short branches and high-density PE (HDPE) with a low amount of branching. LLDPE and HDPE
are produced by coordination polymerization in the presence of selected catalysts (e.g., Ziegler-Natta,
Philips, metallocenes), which leads to controlled branching and molecular weight of the polymer
chains. In contrast, LDPE is obtained by free-radical polymerization at high pressures and high
temperatures without the use of any catalyst, resulting in polymer structures with random short-
and long-chain branching. Thus, the material costs of LDPE are much lower than LLDPE or HDPE,
which makes it, in conjunction with the low dielectric constant, the low dielectric loss and the high
breakdown strength, an ideal candidate for extrudable dielectric materials [39].

 

Figure 5. Schematic representation of the structures of varying types of PE.

Previous work has shown that the electrical properties of LDPE such as dielectric strength and
space charge formation are influenced by its crystalline structure [40,41]. LDPE is a semi-crystalline
polymer typically containing 45–55% crystalline domains in the form of lamellae, which are surrounded
by the amorphous bulk phase. The size of the crystalline domains can be controlled by the parameters
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of the extrusion process. While high cooling rates result in smaller domains and lower degrees
of crystallinity, thermal annealing yields larger domains in conjunction with a higher amount of
crystallinity. The annealing and cooling steps of the extruded LDPE insulation are carried out under
high pressure and under inert conditions in order to reduce the formation of voids. Particularly in
the production of cable insulation, higher crystallinity and smaller domains are favoured as the final
product correspondingly shows smaller voids and improved ductility. Along with the crystalline
regions, the amorphous bulk has also a distinctive influence on the electrical properties of LDPE.
Dissado and Fothergill [42] demonstrated that charge transport mainly occurs within the amorphous
regions of LDPE. Khalil [43] has shown that the initial morphology of PE can change during thermal
cycling in conjunction with DC conductivity leading to a distinctive increase in conductivity.

The electrical behavior of PE is further influenced by impurities, voids and ageing (e.g., carbonyl
moieties formed by oxidation of the polymer chain), which are expected to induce space charge
accumulation leading to a local heating that can result in electrical breakdown of the insulation
material [42].

3.2. Power Cable Insulations Based on Crosslinked Polyethylene (XLPE)

Aiming at an enhanced thermal and chemical resistivity in combination with improved mechanical
properties (in particular at high filler loading) and ageing behavior, LDPE may be crosslinked (XLPE).
Due to the crosslinking of the polymer chains, the operational temperature can be increased from
75 to 90 ◦C. Previous studies [39] report that XLPE is stable at 130 ◦C during 36 h. However, if the
temperature of the conductor reaches 250 ◦C (e.g., during a short circuit), the XLPE-based insulation
degrades within seconds [44].

The most common crosslinking mechanism originates from the addition of radical initiators
such as organic peroxides, which undergo homolytic bond cleavage during the extrusion process and
initiate radical-induced crosslinking of the polymer chains (Figure 6). Curing with dicumyl peroxide
enables safe processing up to 120 ◦C, while the processing temperature can be increased to 150 ◦C
using 2,5-bis-(tert-butylperoxy)-2,5-dimethylhexane. Thermal cleavage of dicumyl peroxide yields
several by-products involving methane, acetophenone and cumyl alcohol. The curing of the extruded
insulation is usually performed at high pressures in the range of 12–20 bar to avoid the formation of
voids from such gaseous by-products. During the production of cables, the XLPE-based insulation is
kept in a fan-forced oven at elevated temperature (70 ◦C) to remove the majority of these by-products
(particularly methane, which is highly flammable and forms explosive gas mixtures with air) [39].

Figure 6. Thermal curing of PE with organic peroxides. Redrawn and adapted from reference [45].

Another well-established approach involves the crosslinking of a chemically modified PE in the
presence of a catalyst and moisture after the extrusion process (Figure 7). The chemical functionalization
of the PE is carried out by grafting vinyl silanes onto the polymer chain during the extrusion process.
Small amounts of an organic peroxide are added to facilitate the grafting process [46]. Modified PE
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grades, which are produced by copolymerizing ethylene and 3-vinyltrimethoxysilane, are commercially
available [47]. After the extrusion of the modified PE, the cables are stored in a water bath at high
temperatures or in a steam chamber to induce the crosslinking reaction. The crosslinking reaction,
which involves a hydrolysis reaction followed by a condensation of the generated silanol groups, is
catalyzed by dibutyltin dilaurate.

Figure 7. Thermal curing of PE with siloxanes. Redrawn and adapted from reference [48].

In addition, crosslinking of LDPE is also obtained under high energy radiation such as electron
beam and gamma radiation generated from a Co60 source [49–51]. The crosslinking is based on a
free-radical mechanism involving the extraction of a hydrogen atom from the polymer chain by the
accelerated electrons or by the electromagnetic wave (Figure 8). Polymer radicals are formed, which
recombine under the formation of a covalently bound crosslink site. In order to increase the degree
of crosslinking, sensitizers such as acrylates may be added to the polymer. The radiation induced
crosslinking is carried out after the extrusion of the insulating layer at ambient conditions. Aiming to
avoid a rapid temperature increase during crosslinking, the extruded cables are passed through the
electron beam of electron radiation over several cycles until the targeted exposure dose has been
reached. In general, crosslinking of PE with high energy radiation has the disadvantage of high
processing costs, as special radiation sources at high investment costs are required.

Figure 8. Crosslinking of PE with high energy radiation. Redrawn and adapted from reference [52].

3.3. Power Cable Insulations Based on Other Classes of Polymers

Along with XLPE, ethylene-propylene rubbers have been the most popular dielectric materials
in extruded cables over the last decades [39]. They can be divided into two main classes: (i)
ethylene-propylene rubber (EPM or also EPR) as a copolymer of ethylene and propylene and (ii) EPDM
as terpolymer, which consists of ethylene, propylene and diene components such as dicyclopentadiene,
ethylidene norbornene, and/or vinyl norbornene.
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EPR is a fully saturated and nonpolar polymer with high temperature stability and high resistivity
towards oxidation and polar solvents. EPR congeners with a low ethylene content are amorphous and
easy to process but typically have inferior mechanical properties. In contrast, EPR types with a high
ethylene content are semi-crystalline and have improved mechanical properties. Similar to LDPE, EPR
may be crosslinked with organic peroxides [53,54].

EPDM has a fully saturated polymer backbone but additionally comprises unsaturated
carbon-carbon bonds in the side-chains, which change the reactivity of the polymer in crosslinking
reactions. In addition to curing with peroxides, EPDM can be also cured by sulphur vulcanization
involving the unsaturated carbon-carbon bonds. While the electrical properties of sulphur- and
peroxy-crosslinked EPDM are comparable, it was demonstrated that sulphur-cured EPDM insulations
show poor performance after long-term immersion in hot water. In extruded EPM or EPDM insulations,
the polymer content is typically in the range of 50%, as a high amount of inorganic fillers (e.g., clay,
talc, silica, and alumina) is added to yield smooth surfaces and sufficient mechanical strength of the
final insulation.

4. Nanocomposites for Power Cable Insulations

In order to tune the electrical and mechanical properties of extruded polymers, the addition
of selected nanosized inorganic and organic fillers has gained increased attraction. These so-called
nanocomposites benefit from (i) the low weight, (ii) the easy processing and (iii) shaping of the
polymer matrix as well as (iv) the salient properties of the incorporated nanoparticles, which are
substantially different to their micrometer-scaled counterparts. At a given volume, nanosized
fillers have a distinctively larger surface area than microsized ones. As the chemical and physical
properties of composites are strongly influenced by the interactions between the filler and the polymer
matrix, nanofillers yield different properties than macroscopic particles of the same chemical and
morphological composition. This effect is also exploited in the cable industry and numerous studies
have been reported on the production, characterization and performance of nanocomposites as
dielectrics in cables [14,33,55,56]. The following section gives a short summary describing the types of
nanofiller and the preparation of nanocomposites following ‘bottom up’ and ‘top down’ processes
(Figure 9).

Figure 9. Differences between ‘bottom up’ and ‘top down’ processes used in the preparation of
polymer nanocomposites.

4.1. Fillers Used in Nanocomposites

It is well known that the high aspect-ratio of nanofillers mainly contributes to their reinforcing
efficiency. Depending on the geometry of the particles, three main types of fillers are distinguished
(Figure 10): (i) (spherical) particles, (ii) fibers and (iii) platelets [57,58]. In terms of fibers and
platelets, the (surficial) area-to-volume ratio is mainly governed by the first term (2/r and 2/t) of the
equation, while in nanomaterials, the influence of the second term is negligible. Thus, a change of the
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particle geometry from the micro- to nanometre size changes the area-to-volume ratio by three orders
of magnitude.

 

Figure 10. Three main types of nanofillers (from left to right: spherical particles, fibers and platelets),
classified by their geometry and area-to-volume ratio. Redrawn and adapted from reference [57].

Along with the geometry, nanofillers may also be classified either by their chemical and
morphological structure or by their origin (natural versus synthetic and organic versus inorganic) as
shown in Table 1.

The properties of nanocomposites are not only influenced by their geometry and type but also
by the dispersion of the filler in the polymer matrix. Nanofillers tend to agglomerate during the
preparation of nanocomposites, which compromises the electrical, mechanical and optical properties
of the final material [59]. In order to improve the dispersion of the particles in the polymer matrix and
to ensure an enhanced bonding between the particles and the polymer matrix, surface modification of
the particles is often carried out [60].

Table 1. Examples of different types of nanofillers classified by their origin (Adapted from reference [61]).

Origin Selected Examples of Nanofillers

natural
animal silk, wool, hair
mineral asbestos
cellulose wood, seed, leaf, fruit, stalk, bast

synthetic

inorganic

oxides: TiO2, SiO2, Al2O3, ZnO, MgO, Sb2O3
hydroxides: Al(OH)3, Mg(OH)2

metals: Al, Au, Ag, B, Sn, Cu, steel
silicates: talc, mica, nanoclay, kaolin

salts: CaCO3, BaSO4, CaSO4
carbides: SiC

nitrides: AlN, BN

organic
carbon based materials: graphite fibers, nanotubes, carbon black, graphene

natural polymers: cellulose and wood fibers, cotton, flax, starch
synthetic polymers: aramid, polyester, polyamide, poly(vinyl alcohol) fibers

4.2. Methods for the Preparation of Nanocomposites

Over the last years, four main routes have been established for the successful incorporation of
inorganic nanofillers into a polymer matrix: (i) direct mixing of polymer and filler, (ii) intercalation
based on the exfoliation of, for example, layered silicates, (iii) sol-gel processes and (vi) in-situ formation
of nanofillers in the polymer matrix [59,62,63]. The simplest route involves a direct mixing of the
nanoparticles in the polymer, above the glass-transition temperature Tg or the melting point Tm of the
polymer (melt-compounding method). Alternatively, the direct mixing can be also carried in a polymer
solution (solution-mixing method). After evaporation of the solvent, the fillers are well distributed
in the polymer matrix. Direct mixing is a typical top-down process, which means that energy is
used (i.e., mixing energy) to transform a bulk material in smaller fragments until a nanocomposite is
obtained (Figure 11) [64,65].
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Figure 11. Preparation of nanocomposites by direct mixing.

Another top-down process is the intercalation involving the exfoliation of layered silicates
(Figure 12). Three different methods are typically pursued: (i) direct intercalation of polymer chains
from solution, (ii) polymer melt intercalation and (iii) intercalation of monomers followed by in-situ
polymerization [66].

Figure 12. Preparation of nanocomposites by exfoliation and intercalation. Redrawn and adapted from
reference [67].

Regarding the direct intercalation of polymer chains from solution, the layered fillers (typically
nanoclays) are dispersed into a solvent in which the polymer is soluble [68,69]. The solvent migrates
through the layers of the filler to start the exfoliation. After evaporation of the solvent, single clay
platelets are well dispersed in the polymer matrix. With respect to melt intercalation, the layered fillers
are directly mixed with the polymer melt. Due to shear forces, the exfoliation of the platelets starts
and, if the surface polarities of filler and polymer are similar, the polymer chains migrate into the
interlayer space. In terms of intercalation of monomers followed by in-situ polymerization, monomers
and selected initiators are employed [69]. The monomers intercalate into the layered filler and increase
the distance between the layers. Subsequent polymerization of the monomers leads to an exfoliation
of the filler and polymer-based nanocomposites are yielded.

The sol-gel process is a prominent example of a bottom-up approach, which involves the
building of the targeted material by the assembly of building units (e.g., atom-by-atom or cluster by
cluster) [68,70]. The sol-gel process relies on two subsequent reactions steps (Figure 13). In the first step,
metal oxides are obtained from the hydrolysis of organic metal alkoxides or esters yielding a colloidal
suspension of solid particles in a liquid phase (sol). In a second step, the hydrolyzed intermediates
start to condensate forming an interconnected network (gel) between the particles.

Figure 13. Preparation of nanocomposites by sol-gel processes. Redrawn and adapted from reference [71].
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The fourth method involves the in-situ generation of nanoparticles from metal ions by redox
reactions, which can be stimuli-triggered by a change of the pH value or by UV light (Figure 14).
The in-situ generation of the nanoparticles is usually carried out in conjunction with an in-situ
polymerization using colloidal sols with metal ions and monomers. This approach is typically
employed to obtain nanocomposites from thermosetting resins such as epoxides or photocurable
resins such as acrylates [72–74].

Figure 14. Preparation of nanocomposites by UV-induced in-situ generation of nanoparticles and
in-situ polymerization of a photoreactive monomer.

4.3. Surface Modification of Fillers to be Used in Nanocomposites

The homogeneous dispersion of nanosized fillers within the polymer matrix has major influence
on the final properties of the nanocomposites [59]. In particular, the surface modification of inorganic
particles has become a popular route to avoid agglomeration and cluster formation of nanofillers,
since the attachment of functional groups on the particles’ surfaces enables the controlled change
of polarity and reactivity of the particles’ surfaces. A typical example is the surface modification of
carbonates or silicates with hydrophobic fatty acids to improve the dispersibility in non-polar polymer
matrices such as polyolefins [75]. Besides the dispersibility, the particle-polymer interfaces can be
tailored by incorporating functional groups on the fillers’ surfaces. As the particle-polymer interface
has a crucial influence on the performance of the corresponding nanocomposites, surface modification
techniques have gained increased attention for tuning the mechanical and electrical performance of
polymer nanocomposites [76–79]. Pallon et al. [80] applied functional silsesquioxane coatings on MgO
nanoparticles and incorporated the functional filler in LDPE. They demonstrated that the modified
particles were homogenously distributed within the polymer matrix and, by adding only 3 wt % of the
surface-treated particles, the volume conductivity was decreased by two orders of magnitude. For the
modification of inorganic particles, different strategies are pursued involving (i) chemical treatment,
(ii) grafting reactions and other methods such as (iii) adsorption of polymeric dispersants [81].

The typical chemical surface modification reaction proceeds in one step using bifunctional organic
compounds with one group that reacts with the nanoparticles’ surfaces and a second group, which
represents the functionality of the organic shell. One well-established approach is the so-called
silanization, in which functional trialkoxysilanes such as 3-aminopropyl triethoxysilane are covalently
attached to surficial hydroxyl groups of inorganic particles (e.g., SiO2, TiO2, Al2O3, ZnO, Fe3O4) by
condensation reactions (Figure 15) [82,83]. In terms of carbon-based nanofillers such as carbon black,
fullerenes, carbon nanotubes or graphene, Diels-Alder reactions can be employed to change the surface
characteristics of the particles [84]. If the functional groups of the organic compound are not compatible
with the synthetic process, a step-wise procedure may be carried out for the modification of inorganic
particles [85].
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Figure 15. Covalent attachment of functional silanes on nanosized silica. Redrawn and adapted from
reference [86].

Grafting reactions represent another route to modify the surface of inorganic particles (Figure 16) [86].
The grafting mechanism involves either (i) direct coupling of a polymer chain onto the particle surface
(‘grafting onto’ reactions) or (ii) immobilization of a monomer or an initiator on the particle surface,
which is followed by a polymerization of reactive monomers (’grafting from’ reactions).

Figure 16. Modification of nanoparticles via (i) ‘grafting onto’ and (ii) ‘grafting from’ reactions.

A convenient method for surface modification of inorganic nanoparticles involves the physical
adsorption of polymeric dispersants, which is typically used to enhance the dispersion stability
of nanoparticles in solvents [87,88]. The improved dispersion properties mainly rely on the steric
repulsive forces between the adsorbed polymer chains and the related increase in surface charges.

5. Electrical Conductivity of Nanocomposites

5.1. General Aspects of Electrical Conduction

Electrical conductivity is an intrinsic property that quantifies the ability of materials to conduct
electric current [89,90] and can be classified in three major categories: (i) intrinsic conductivity: charge
carriers are generated based on the chemical structure of the material; (ii) extrinsic conductivity: charge
carriers are generated by impurities, which can be introduced during the fabrication process or by
dopants through specific methods; (iii) injection-controlled conductivity: charge carriers are injected into
the material through the interface between the metallic electrodes and the non-metal material.

Regarding insulators, the charge carriers’ origins for intrinsic and extrinsic conductivities are
not well distinguished; in polymeric insulators, the situation is even less well characterized and
understood. Some polymeric materials such as PE can be considered as natural nanodielectric material
with contrasting conductive crystallites and resistive amorphous regions of nanometric dimensions [91],
as it was described in Section 3 (Figure 17).
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Figure 17. The morphological structure of PE. Redrawn and adapted from reference [92].

In the crystalline phase of PE, intrinsic conduction is improbable due to the large band gap of
approx. 8 eV and the corresponding separation of electrons and holes [91]. Excluding any material
defects caused by impurities, conduction in PE can only originate from extrinsic charges introduced by
the injection process. Hole conduction commonly appears in PE, which suggests that hole injection
at the anode occurs more easily compared to the electron injection at the cathode [91]. However, the
crystalline regions in PE are surrounded by amorphous regions and the transfer of electrons and
holes between them is likely to be hindered. Holes enclosed to the valence band will move along the
crystallites’ chain paths and will become trapped in the interphase between them and the amorphous
regions. However, the transition of holes through this interphase will occur by tunnelling due to a
super-exchange between donor and acceptor hole traps [91]. Amorphous regions in PE are considered
to have high concentrations of traps introduced by impurities and additives, which may be polarized
and maybe even move through them. Hence, extrinsic conduction (ionic transport) is more likely to
occur in the amorphous phase [93].

Lewis et al. [91] concluded that the incorporation of oxide nanoparticles in PE causes a strong
decrease of the local hole inter-lamella transition rate. They assumed that the tunnelling of holes
between lamellae through the amorphous phase in the neighborhood of a particle was strongly
influenced by the embedded particle and its surrounding interface. The magnitude of affected
transitions, which would lead to macroscopic decrease of mobility and conductivity, would depend
on the concentration of nanoparticles embedded within the polymer matrix. In agreement with
this conclusion, several experimental results regarding the electrical conductivity of thermoplastic
nanocomposites based on polyethylene used as power cables insulation will be presented in the
following sections.

5.2. Conductivity of Nanocomposites Based on Polyethylene (PE)

The incorporation of various oxidic nanoparticles (e.g., Al2O3, SiO2, TiO2, MgO, ZnO, etc.) in
PE delivers advantages such as a significant reduction in electrical conductivity for a certain range of
nanoparticle concentrations (usually between 0 and 5 wt %). This reduction reflects the ability of the
polymer matrix to incorporate the nanoparticles within the inter-lamellae spaces. Above this limit, the
excess of nanoparticles is likely to be incorporated in inter-spherulite regions, which does not directly
influence the hole conduction from inter-lamellae crystallites [91].

Hoang et al. [94] analyzed the bulk conductivity of LDPE and its nanocomposites with uncoated
magnesia (MgO) and alumina (Al2O3). The investigations were performed on thin films prepared
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by thermal extrusion at 150 ◦C from a dried powder mixture of LDPE, nanoparticles and antioxidant
(0.02 wt % of Irganox 1076). Two types of nanocomposites based on LDPE filled with 1 and 3 wt % of
Al2O3, as well as five types of LDPE filled with 0.1, 1, 3, 6 and 9 wt % of MgO were prepared. The DC
conductivity measurements were carried out at an applied electric field of approximately 30 KV·mm−1,
for 11 h. The measurements were conducted at isothermal conditions (room temperature, 40 and
60 ◦C) by placing the electrode system with the sample inside to a grounded oven (Figure 18a).
DC conductivity values were computed from the charging current data registered during 11 h
of measurements (Figure 18b). The results on LDPE samples agreed with the data reported in
literature [95]. In the case of LDPE/Al2O3 samples, the reduction in DC conductivity was proportional
with the filler concentration increasing up to 3 wt %. For nanocomposites based on LDPE and
MgO, a threshold-like behavior was observed around a nanofiller content of 3 wt % (Figure 18b).
If the filler concentration exceeded 3 wt %, further loading with nanoparticles caused a negative
effect. This change in the electrical conductivity behavior can be explained by the agglomeration of
nanoparticles in the polymer matrix during the manufacturing of the samples [94]. This effect was
also reported by Ishimoto et al. [96], Masuda and Murakami et al. [97,98], who described a decrease of
electrical conductivity of more than one order of magnitude and a threshold of nanofillers content of
approximately 2 wt %.

 
(a) 

 
(b) 

Figure 18. (a) Schematic representation of the test setup for DC conductivity measurements;
(b) Variations of the DC conductivity with the filler concentration of the analysed nanocomposites.
Reprinted from reference [94].

Pleşa analyzed the absorption currents and computed the relative DC volume resistivity of
nanocomposites based on LDPE with different types of inorganic nanofillers (SiO2, TiO2, Al2O3) and
various concentrations (2, 5 and 10 wt %) [99]. For better compatibility and dispersion of nanoparticles
within the polymer, the surface of the nanofillers was treated with maleic anhydride. All measurements
were performed at ambient temperature of 27 ◦C and relative humidity of approx. 50% (Figure 19).
Noteworthy, the absorption currents decrease over time as a result of the reduction of the charge
carrier’s concentration corresponding to bound charges (electric dipoles) and space charge. On the
other hand, according to the nanocomposite models presented in literature [100–102], the introduction
of nanoparticles into the polymer facilitates an increase in the concentration of the electric dipoles
(i.e., especially inside the nanoparticles and/or inside the polymer-nanoparticle interfaces) and also an
accumulation of space charge due to the huge area of polymer-nanoparticles interfaces. In this case,
polarization and space charge components of absorption currents increase with enhanced concentration
of nanofillers, except for LDPE with 2 wt % of nano-TiO2 that showed lower values compared with all
the other types of analyzed materials (Figure 19a,b).
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(a) (b) 

Figure 19. Variations of absorption currents on time for: (a) LDPE nanocomposites with 2 wt % of
different types of inorganic nanofillers and (b) LDPE nanocomposites with 2 and 5 wt % of nano-TiO2.
Reprinted, with permission by the author, from reference [99].

In order to explain the variations of the currents, models of the nanocomposites’ structure were
used. Starting from the structural models proposed by Tanaka et al. [100] as well as Lewis [103],
a new model for nanocomposites based on LDPE with spherical inorganic fillers was developed
(Figure 20) [99]. It was considered that the interface was formed by three distinct regions: a bonded
first layer, a bound second layer and a loose third layer, with an electric double layer overlapping these
three layers. The polymer is in an intimate contact with the nanoparticle surface within the first layer,
while the second layer represents an interfacial region. The third layer interacts superficially with the
second layer and the properties of this region are supposed to be similar to the polymer matrix.

Figure 20. Schematic representation of an interfacial LDPE-nano-SiO2 structure. Reprinted, with
permission by the author, from reference [99].

In case of LDPE nanocomposites with 2 wt % of nano-TiO2, a decrease of absorption currents
compared to unfilled LDPE values was registered (Figure 19a). This behavior could be explained by the
presence of crosslinked polymer in the third layer of the polymer-nanoparticle interface, which reduces
the mobility of space charges through the material structure and may lead to a decrease of the space
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charge component of the absorption current values. Between the end groups of the polyethylene chains
from the second layer of the interface and the surface of the functionalized inorganic nanoparticles,
hydrogen bridges are formed that reduce the mobility of polymer chains and decrease the polarization
component of the absorption current. Tanaka et al. [100] stated that within the intermolecular regions
of the interface layers, the introduced traps were distributed as follows: deep traps in the first and
second layer and shallow traps in the third layer. By increasing the filler concentration over a certain
limit (i.e., >2 wt % in the case of LDPE/nano-TiO2) inside the polymer matrix, the overlapping zone of
filler-polymer interfaces increases, too (i.e., similar with the model presented in Figures 20 and 21a,b).
By applying an electric field, the electrical conduction can occur either by charge carriers jumping on
the shallow traps from the interfaces, overlapping the neighbor nanoparticles or by tunnelling [99],
when the distance between the traps is below the minimum threshold tunnelling, leading, in overall
consequence, to an increase in space charge components of the absorption currents (Figure 19b).

2 wt % LDPE/nano-SiO2 
 

 
5 wt % LDPE/nano-SiO2 

 

  

10 wt % LDPE/nano-SiO2 
 

 
 

(a) 

 
 
 

(b) 

Figure 21. (a) Two neighbor nanoparticles within LDPE composites for different filler contents; (b) 3D
electrostatic model of nanocomposites based on LDPE with nano-SiO2 in different concentrations.
Reprinted, with permission by the author, from reference [99].
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The volume resistivity can be calculated according to Equation (1):

ρv =
S
d
·U

I
(1)

in which ρv is the volume resistivity (Ω·m), S the electrode surface (m2), U the applied voltage (V), I
the average current after 4000 s starting from the voltage application (A) and d the sample thickness
(m). It was observed that the resistivity values depend on the type and concentration of nanoparticles
and decrease compared to unfilled LDPE (Table 2). With respect to LDPE with 2 wt % of nano-TiO2,
the DC relative volume resistivity increases by 0.07 percent points compared to unfilled LDPE.

Table 2. DC relative volume resistivity of nanocomposites based on LDPE with 2 (or 5) wt % of different
types of inorganic fillers. Adapted with permission by the author from reference [99].

Nanocomposite (Type of Filler) Filler Content (wt %) DC Relative Resistivity

Pure LDPE 0 1
LDPE/nano-SiO2 2 0.54

LDPE/nano-Al2O3 2 0.16
LDPE/nano-TiO2 2 1.07
LDPE/nano-TiO2 5 0.33

In order to increase the DC electrical properties of XLPE insulation materials, Yan et al. prepared
nanocomposites based on XLPE with different loadings of carbon black (CB) by the melt-blending
method [104]. The space charge distribution was analyzed together with the dependence of DC
electrical conductivity γ on the electric field E at several temperatures T (Figure 22). For low electric
fields, a non-linear dependence of γ and E exists, concomitant with a significant increase in conductivity
with increasing T. For E < 20 kV·mm−1, the electrical conductivity of XLPE/CB is almost constant;
however, if the temperature increases over 30 ◦C, γ(E) decreases. This study shows that the presence
of CB in XLPE can inhibit the space charge accumulation and the electric field distortion, improving
the DC conductivity of XLPE/CB nanocomposites.

 
Figure 22. Cont.
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Figure 22. Electrical conductivity [γ(S/m)] variations of XLPE and CB/XLPE nanocomposites at
different temperatures. Reprinted, with permission by IEEE, from reference [104].

The correlation of the electrical conductivity with the content of nano-SiO2 particles in XLPE was
analyzed by the CIGRE Working Group D1.24 [105]. It was concluded that the addition of fumed
nano-SiO2 to XLPE reduced the DC conductivity of the nanocomposites. This behavior supports the
mechanism describing nanofillers as charge carrier traps; it may be argued that functionalization may
strengthen their function. Wang et al. [106] analyzed the electrical resistivity of nanocomposites
based on XLPE containing different concentration of nano-TiO2 (i.e., 1, 3 and 5 wt %). It was
found that their volume resistivity was higher compared to pure XLPE and increased with the filler
concentration. This behavior was referred to the large number of traps introduced in nanocomposites
by the fillers, which capture the charge carriers and prevent the movement of carriers within them.
Murata et al. [107] investigated the volume resistivity and space charge distribution in nanocomposites
obtained by mixing XLPE with MgO nanofillers. Four types of materials were analyzed: conventional
XLPE insulation for AC cables (XLPEC), nanocomposites obtained by mixing XLPEC with nano-MgO
(XLPEC/MgO), a special type of XLPE with a lower degree of crosslinking by-products compared to
XLPEC (XLPES) and nanocomposites obtained by mixing XLPES with nano-MgO (XLPES/MgO). It was
concluded that the presence of by-products (that decrease the volume resistivity) and of nano-MgO
(that increases the volume resistivity) acted synergistically within XLPE-based nanocomposites,
converting them into excellent materials for DC power cables insulation.

According to the experimental studies presented herein above, two types of PE-based
nanocomposites are recommended for power cables, those with low conductivity for insulations
(including inorganic particles) and those with increased conductivity for semiconductor layers
(including carbon black fillers).

6. Permittivity and Loss Factor of Nanocomposites

6.1. General Aspects of the Complex Dielectric Permittivity

Synthetic polymers are complex molecules comprising a huge number of covalently bound
atoms within the macromolecular chains, yielding numerous possible conformations of the individual
macromolecular chains in space and time [108]. Due to this large number of conformations, most of
the polymers have properties depending on the chain flexibility, the end-to-end vector of the chain, the
mean-square dipole moment per molecule and so forth. Correspondingly, their behavior in solution
and/or in solid state is analogously complex. Besides systems composed of linear macromolecules,
a comprehensive variety of the molecular architectures additionally exists (e.g., branched and
hyperbranched polymers, cyclic macromolecules and oligomers, polymers with star-shaped and
comb-like structures, copolymers, dendrimers, etc.), which can cause new morphologies in the dense
state of these molecules (i.e., phase- or microphase-separated structures).
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Since Debye published the theory of dipolar relaxation in 1929 [109], the study of the interaction
between electromagnetic radiation and (soft) matter, which is of crucial importance in fundamental and
applied science, has been applied to dielectric spectroscopy. This experimental technique is very useful
for studying the conformation, the structure and the dynamics of polymers (i.e., dipolar processes)
and to evaluate the behavior of polymeric systems over a large range of frequencies and temperatures.
Dipolar processes include very low frequency processes (i.e., electric charge transport), Maxwell-Wagner
polarization processes (i.e., charge trapping at interfaces) and relaxation processes due to the motion of
dipoles groups (i.e., dipole reorientation) [93].

For dielectric spectroscopy studies, one key parameter is the relative complex dielectric
permittivity ε∗ (Equation (2)) [108]:

ε∗( f ) = ε′( f )− iε′′ ( f ) (2)

in which ε′ represents the real part of complex relative permittivity and ε′′ the imaginary part of the
relative permittivity, the so-called loss part.

The complex relative permittivity is defined as a factor between an outer alternating electric field
→
E( f ) and the induced electric polarization P of the medium (Equation (3)):

→
P( f ) = χ∗ε0

→
E( f ) (3)

in which χ* = ε*(f ) − 1 is the complex electric susceptibility of the material and ε0 = 8.85·10−12 F·m−1

is the vacuum permittivity.
The complex relative permittivity is a material property depending on frequency, temperature,

pressure and structure of the material. According to statistical mechanics, both quantities, namely ε′

and ε”, have a physical interpretation: ε′ is related to the energy stored reversibly within the material
and ε′′ is related to the energy dissipated within the material. In dielectric relaxation spectroscopy,
the dissipation factor tan δ = ε′′ /ε′, in which δ is the phase angle between the applied voltage and
the resulting electric current, is one parameter for the discussion of the electrical performance of
polymer-based materials [108].

The addition of nanoparticles into polymers considerably changes the dielectric behavior due to
the formation of interaction zones within the nanocomposites [93]. Correspondingly, there has been a
steadily growing interest over the last two decades to analyse these materials, which are referred to as
nanodielectrics in this context. In the following section, selected results are presented regarding the
permittivity and loss factor of thermoplastic polymer nanocomposites used as power cables insulation
(LDPE, XLPE, etc.).

6.2. Permittivity and Loss Factor of Nanocomposites Based on Polyethylene (PE)

A huge number of studies have reported improved dielectric properties of thermoplastic
nanocomposites with inorganic nanoparticles compared to the unfilled polymer [69,110–116], which
render these nanocomposite materials as interesting candidates for high-voltage applications.
The dielectric behavior of thermoplastic nanocomposites systems based on LDPE containing different
types and contents of nanofillers have been analysed and presented in the literature.

Pleşa et al. analyzed the behavior of unfilled LDPE and silica-filled LDPE samples [99].
Nanocomposites with different contents of nanofillers ranging from 0 to 10 wt % were prepared
and characterized at different temperatures in the range from 300 to 350 K and frequencies from 10−2

to 106 Hz (Figure 23). The activation energy wa was estimated, and correlations with the polarization
mechanisms were found. The imaginary part of the complex permittivity ε” was determined as the
product of the real part of complex permittivity ε′ and the loss factor tanδ. It was assumed that the
conduction losses were substantially lower than the polarization losses by deformation and orientation.
In the case of unfilled LDPE (Figure 23a), peaks in the frequency range from 101 to 103 Hz were
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shifted to higher frequencies upon temperature increases. With an increasing concentration of SiO2

nanoparticles in the polymer matrix (Figure 23b,c), a shift of the ε” peaks towards lower frequencies
as well as their intensification compared to the base polymer were observed. For example, in case
of the nanocomposites containing 5 wt % of nanoSiO2 (Figure 23b), the peaks were in the range of
10−1 to 101 Hz. When the concentration of the nanoparticles was increased, the frequency domain into
which the peaks shifted increased to 103 Hz in the case of nanocomposites with 10 wt % of nano-SiO2

(Figure 23c). Hence, the peaks occur at low frequencies in the range of 10−1 to 103 Hz, a frequency
range in which polarization losses by deformation are neglectable; it was concluded that the losses
were caused exclusively by polarization losses from (re-)orientation.
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(a) (d) 

(b) (e)

(c) (f)

Figure 23. (a)–(c): Frequency variation of the imaginary part of the relative complex permittivity (ε”) of
unfilled LDPE and filled with different concentrations of nano-SiO2 at (�) 300 K, ( ) 310 K, (�) 320 K,
(�) 330 K, (�) 340 K, ( ) 350 K. (d)–(f): Dependence of the temperature function (ln ωp(T)) for unfilled
LDPE and filled with different contents of nano-SiO2. Reprinted, with permission by the author, from
reference [99].

According to the Debye model for dipolar relaxation of ideal dielectrics, the imaginary part of the
relative complex permittivity ε” as a function of temperature T is defined by Equation (4):

χ′′ (ω) = χ(0) · f(ω/ωp(T)), (4)

in which χ(0) is a constant and f(ω/ωp(T)), which describes the shape of the imaginary part of ε” is a
function of temperature T.
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f(ω/ωp(T)) can be defined according to Equation (5):

ωp(T)= A exp(− wa/ kT), (5)

in which wa represents the activation energy corresponding to dipole relaxation, A is a constant and k
the Boltzmann constant (k = 1.38·10−23 J·K−1) [80].

A similar behavior of nanocomposites was reported in literature [117] and the relationship
between the frequency and temperature at which the peak occurs was attributed to an Arrhenius-type
behavior (Equation (5)). In the case of silica-filled LDPE nanocomposites (see herein above), the
activation energy was determined using the Arrhenius-type equation (5) (Figure 23d–f).

The main relaxation in LDPE is α-relaxation attributed to the activation energy of dielectric
relaxation (i.e., the orientation energy of the dipoles of the polymer chain and the segments of the
polymer chain), which generally occurs at low frequencies. This activation energy is caused by
dielectric relaxation and ranges between 1 and 1.5 eV [117]. The estimated activation energies of the
silica-filled LDPE nanocomposites correlate well within this interval and increase with the nanoparticles
content. If the nanoparticles concentration increases, more and more electrical dipoles will appear in
the nanoparticles as well as in the polymer (main) chains and their lateral branches, resulting in more
dipoles of the Siδ+→Oδ− and Oδ−→Hδ+ types within the three layers of the interface (Figure 20 and
the model described in Section 5). These bonds are more flexible than the Cδ+→Oδ− bonds and involve
the movement of large fragments from the PE chain. If the nanoparticle concentration is doubled,
the relative permittivity of the LDPE/nano-SiO2 nanocomposites should ‘mathematically’ as well
increase by the factor of two. However, it has to be considered that the activation energy also increases
with a rising concentration of nanoparticles (Figure 23d–f), thus the permittivity of LDPE/nano-SiO2

nanocomposites is lower. The variation of ε” as a function of frequency and temperature in the case
of nanocomposites of LDPE/SiO2 indicates the presence of an α-type relaxation process. This is
confirmed by the shift of the peaks to higher frequencies with increasing filler concentrations and
rising temperatures [108,111,118–120].

Another study by Pleşa et al. on LDPE/10 wt % nano-SiO2 nanocomposites refers to the influence
of moisture absorptionn and temperature treatment of the samples on ε′ and tanδ (Figure 24a,b) [99].
The results revealed that the drying step at elevated temperature has a crucial influence on the
frequency corresponding to the tanδ peak. In particular at 300 K, the frequency corresponding to
the tanδ peak is increased by four orders of magnitude (from approx. 0.2 Hz to 2 kHz) if the sample
was kept in hot air before the dielectric measurements were carried out (Figure 24b). This distinctive
increase can be explained by the high number of hydroxyl groups (Oδ−→Hδ+) on the surface of the
nanoparticles (Figure 20 and the model described in Section 5). Hence, such types of nanoparticles
are highly hydrophilic and contain adsorbed water molecules. These water molecules significantly
influence the polarization phenomena even in very low concentrations [118]. Although LDPE is
a hydrophobic material, the absorption of water molecules on the surface of SiO2 nanoparticles is
thermodynamically inevitable [121]. By grating LDPE with maleic anhydride MA, hydrogen bridges
are formed especially within the first layer of the interface area (Figure 20 and the model described in
Section 5) between MA and the nanoparticles, as well as between the nanoparticle and the end groups
of the polymer chains from the second layer of the interface. The energy of a hydrogen bond in a water
molecule is about 21 KJ·mol−1; by storage of the nanocomposites samples at elevated temperatures
before the measurements, the majority of adsorbed water molecules can be removed. Thus, the number
of Oδ−→Hδ+ interactions is significantly decreased. Under these conditions, the energy consumed
due the (re-)orientation of dipoles is lower, which corresponds to a decrease of the loss factor and a
shift of dielectric relaxation to lower frequencies (Figure 24a,b).
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(a) (b) 

Figure 24. Frequency variation of (a) the real part of the complex relative permittivity and (b) the loss
factor of LDPE/SiO2 nanocomposites with 10 wt % filler content at 300 and 350 K. Reprinted, with
permission by the author, from reference [99].

Nanocomposites based on crosslinked polyethylene XLPE and silica nanoparticles are promising
candidates for future power cables insulation due their improved dielectric properties [69,105,110,122,123].
The influence of moisture on the dielectric properties of these nanocomposites, however, has not yet
been fully explored. Humidity is well known to be detrimental to dielectrics, reducing the breakdown
strength and increasing the losses [25–27].

Hui et al. [124,125] investigated the dielectric behavior of XLPE/silica nanocomposites in humid
environments. Compared to the unfilled XLPE, nanocomposites containing silica particles were
found to show increased moisture uptake due to filler inclusion. It was assumed that the dielectric
behavior of wet XLPE/silica nanocomposites originated from the formation of water shells around the
nanoparticles and the change of the inter-particle/cluster distances. The authors investigated unfilled
XLPE as well as nanocomposites based on XLPE with unfunctionalized and vinyl silane-functionalized
silica fillers (12 nm diameter) in concentrations of 5 and 12.5 wt %, respectively. A part of the samples
was stored in humid environment for a month. Figure 25 a,b show the correlation of ε’ with the
frequency for this set of samples. In the case of ‘dry’ samples, the permittivity in the low frequency
region is very low, which originates from a lack of mobile charges (Figure 25a) [126,127]. For frequencies
in the range from 10 to 100 kHz, an increase of the permittivity can be observed, which can be attributed
to residual water [126,128,129]. In the case of wet samples (Figure 25b), loss peaks can be observed for
nanocomposites with 5 wt % silica nanoparticles at frequencies in the range from 1 to 105 Hz, and for
unfilled XLPE in the range from 103 to 105 Hz, which can be attributed to water molecules present in
the material. As silica nanoparticles have hydroxyl groups on their surfaces, they are likely sites to
bind water; XLPE, on the other hand, is a non-polar material, in which the water molecules are more
likely to be present in the amorphous regions, and the movement of dipoles can be inhibited by the
structure of the polymer chains. Correspondingly, water present in XLPE triggers delayed dielectric
relaxation. For the wet nanocomposites with 12.5 wt % of silica fillers, the significant increase of the
real and imaginary permittivity at low frequencies might be explained by quasi-DC behavior [130]
due to the ionic charge carriers [127].

When XLPE-based nanocomposites are exposed to humid environments, moisture is likely to
dominate their dielectric behavior. Hui et al. observed that nanocomposites based on XLPE with
12.5 wt % silica absorb large amounts of water compared to unfilled XLPE and nanocomposites with
5 wt % of nanoparticles from the same humid environment [124,125]. This observation was assumed
to originate from the percolation of water shells due to the higher concentration of nanoparticles and
the correspondingly decreasing distance between them.

239



Polymers 2019, 11, 24

(a) (b) 

Figure 25. Correlation of permittivity and frequency for (a) dry and (b) wet samples of unfilled XLPE
and nanocomposites filled with 5 and 12.5 wt % of vinyl silane-functionalized silica nanoparticles
(storage of the ‘wet’ samples at 50 ◦C and 100% r.h.). Reprinted, with permission by IEEE, from
reference [124].

Numerous studies on the dielectric behavior of thermoplastic nanocomposites systems based on
PE congeners like LDPE, HDPE and XLPE and different types (organic or inorganic) and concentrations
of filler, usually between 0 and 10 wt %, were performed until present [14,131]. The most important
question to be answered is whether or not the relative permittivity and loss tangent are reduced at
the industrially relevant frequencies in nanocomposites, which could transform them into suitable
candidates for power cables insulations. In literature, some reported data indicate the reduction of
these parameters to certain extent, whilst other publications report the contrary [14]. These results
can depend on many factors, such as how the particles were compatibilized or how the fillers were
dispersed in the polymer, if the fillers agglomerated or not and so forth. Parameters such as humidity,
temperature and so forth, have a significant effect as well.

7. Partial Discharges in Nanocomposites

7.1. Partial Discharges and Measurement Thereof

A partial discharge PD is a localized breakdown of a small portion of a solid or liquid electrical
insulation between two conductors under high voltage stresses, which does not bridge the space
between the conductors [132]. PDs occur inside cavities, cracks and/or gaseous inclusions inside
solid insulations and at conductor-dielectric material interfaces in solid and liquid insulations. PDs
with longer lengths deteriorate the insulation characteristics due to erosions of cavity walls by charge
carriers, increases of the local temperature, radiation generated by atomic excitation and charge
carrier recombination, intensification of the chemical degradation reactions, initiation of new chemical
reactions and so forth. [133]. A general overview of erosion processes in thin polymer insulation under
partial discharges is presented by Tanaka et al. [134].

The initiation and development of PDs depend on both, the shape and dimension of the cavities
as well as the chemical nature and cavity gas pressure. On the other hand, electrical charges deposited
by PDs on the cavity surfaces diffuse into the dielectrics (in the areas adjacent to the cavities) and
form so-called space charge clouds, which dissipate slowly and change locally the distribution of the
electric field.

For the characterization of PDs, several variables are used, such as the PD inception voltage Ui
and the PD extinction voltage Ue, the PD pulse repetition frequency n (average number of pulses in
one second), the apparent charge q associated to the PD, as well as other derived quantities such as the
apparent energy W, the average discharge power P, the average discharge current I, the quadratic rate
D and so forth. [135,136]. For the study of the PD’s action on solid insulators, different types of set-ups
are used, including comparably simple ones (Figure 26) that consist of a rod electrode from a tungsten
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wire with rounded tip, which is connected to the high-voltage terminal of an AC supply and a plane
electrode of copper or steel that is connected to the ground, respectively to the supply terminal; the
plain sample to be analysed is placed between the two electrodes (Figure 26a) [137–139].

 
(a) (b) 

Figure 26. (a) Rod-plane electrode configuration for partial degradation tests: 1: Rod electrode; 2:
Specimen; 3: Plane electrode; (b) Rod-plane electrodes system (similar to IEC Electrode) for surface
erosion by PDs.

Charge carriers erode the surface of the sample and the depth of the pits, the compounds formed
on the eroded areas and the light emitted by the PD are parameters to quantify a sample’s resistance
to PDs [139]. Experiments show that the PD initiation voltage decreases for larger cavities, while the
maximum lengths, apparent energy and discharge power increase [140,141].

Considering the harmful effect of PDs, in the case of high and very high voltage cables insulation,
restrictions are imposed on cavities dimensions and concentrations, such that their apparent charge
does not exceed certain limits. For example, for a Uo = 110 kV voltage cable and a crosslinked
polyethylene insulation, the apparent charge measured at a voltage of U = 1.5 Uo should not exceed
10 pC. On the other hand, PDs may occur at high voltage cable joints interfaces manufactured from
two distinct insulating layers due to defects introduced during the technological process or during
operation (i.e., metallic particles, fibers, cavities and layer depletions) [142].

In order to obtain insulation with the greatest possible resistance to the action of PDs, polymer
nanocomposite materials have gained increased attraction. Nanofillers such as MgO, SiO2, Al2O3,
rutile, layered silicate systems and so forth, increase the resistance against PDs due to multiple effects
including nanoscale segmentation, permittivity difference, coupling agent and nanofiller pile-up [134].
The nanocomposites’ behavior to PDs is presented in numerous papers [134]. The majority of the
studies focuses on the PD resistance of epoxy resins and polyimide nanocomposites. In the following
section, some results are presented for the PD characteristics in PE-based nanocomposites used as
power cables insulation.

7.2. Partial Discharges in Nanocomposites Based on Polyethylene (PE)

The CIGRE Working Group D1.24 has conducted different tests in several laboratories from
nine countries on the behavior of XLPE and its nanocomposite with fumed silica in an electric
field [105]. The authors tested samples based on commercially available XLPE [105] in a set-up
consisting of a rod-plane electrode and IEC electrodes systems (Figure 26). Three types of samples were
tested: unfilled XLPE (XLPE–H1), nanocomposites filled with 5 wt % of unfunctionalized nano-SiO2

(XLPE + 5%NS–H2) and nanocomposites with 5 wt % of nano-SiO2 functionalized with a specific
chemical coupling agent, selected to improve the dispersion in polyethylene (XLPE + 5%NS surf–H3).
Correlations of the application time of voltage with the pit depth of the eroded area (at 10 kVrms, 250
Hz, 750 h) (Figure 27a), the average erosion speed (Figure 27b) and cross-sectional area of a formed pit
(Figure 28a) were determined. It was found that samples with SiO2 fillers showed a higher resistance
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to discharges than those without fillers and that the highest resistance was found in composites with
surface-treated fillers (Figure 27a,b and Figure 28a,b). Using the IEC electrodes system (Figure 26b),
erosion in an area of 5 mm around the centre of the rod electrode was determined (for 50 h at a voltage
of 10 kVrms and 50 Hz) (Figure 28b). The results reveal that XLPE samples with untreated nanofillers
show less erosion than the unfilled XLPE samples and that the erosion values for some of the XLPE
samples filled with surface-functionalized nanofiller are higher (Figure 28b).

 
(a) (b) 

Figure 27. (a) Variation of the PD erosion pit depth with aging time and (b) average erosion speed
values of unfilled XLPE, XLPE with 5 wt % of non-functionalized nano-SiO2 and XLPE with 5 wt % of
surface-functionalized nano-SiO2. Reprinted, with permission by IEEE, from reference [105].

 
(a) (b) 

Figure 28. (a) Correlation of the cross-sectional area of pits with aging time for unfilled XLPE,
XLPE with 5 wt % of non-functionalized nano-SiO2 and XLPE with 5 wt % of surface-functionalized
nano-SiO2 [105]; (b) eroded volume by PDs produced with the IEC electrodes system type for unfilled
XLPE (H1), XLPE with 5 wt % of non-functionalized nano-SiO2 (H2) and XLPE with 5 wt % of
surface-functionalized nano-SiO2 (H3). Reprinted, with permission by IEEE, from reference [105].

Using LDPE and fumed silica powder with a mean size of 7 nm, Aulia et al. studied the PD
effect on these samples by positive and negative pulse counts using the CIGRE Method II (CM-II)
electrode system [143]. The authors observed that the addition of nano-SiO2 in amounts of up to 4 wt
% increased the number of PDs, while even larger concentrations of fillers in the range of 6 to 8 wt %
significantly reduced the number of impulses. The same electrodes system (CIGRE Method II) was
used by Sami et al. for the study of PD action on two types of PE-based nanocomposites, namely LDPE
and HDPE (HDPE/SiO2 and LDPE/SiO2), with 0, 1, 2, 4 and 5 wt % of spherical SiO2 nanoparticles
(15 nm in diameter with 99.9% purity and 14 nm in diameter with 99.9% purity) [144]. The authors
measured the samples’ erosion depth and found that the values increased with an increased content
of nanoparticles. It was considered that this behavior could be due to the defects introduced during
the fabrication process of the samples [144]. Gao et al. showed that the use of montmorillonite MMT
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nanofillers (MMT = (Na,Ca)0.3(Al,Mg)2Si4O10(OH)2·n H2O) with high filling grades of SiO2 (more
than 51 wt %) instead of spherical silica particles also increased the PD resistance of PE [145,146]. Both,
the amplitude and the number of PDs were lower in PE/MMT samples than in unfilled PE (under the
test condition applied) [145].

The influence of the MgO content on the PE resistance to PDs was analysed by Tanaka et al. [147].
The authors used the rod-to-plane electrode system (Figure 26) for flat samples of LDPE-based
nanocomposites containing 0, 1, 5 and 10 wt % of spherical MgO particles with an average diameter
of 50 nm. The results showed that the erosion depth of LDPE/MgO samples was significantly lower
than that of unfilled LDPE samples (factors of up to 2.8). The authors explained the increase of the
PD resistance of LDPE/MgO samples by the multi-core model, considering the fine segmentation
of the polymer surface by nanofillers, the morphology formed around the nanofiller nuclei and the
degree of bonding between the filler and the polymer [147]. The authors stated that the nanofillers
were separated from the base matrix and piled on the surface.

The erosion induced by surface PD on samples of unfilled LDPE and LDPE filled with two
types of inorganic nanofillers (quasi-spherical silica nanoparticles and synthetic layered MMT, each
in 5 wt % content) was analyzed by Guastavino et al. [148]. The authors described that both types of
nanocomposites exhibited longer lifetimes than unfilled LDPE under the same stress conditions.

Chen et al. [149] analyzed the effect of corona discharges on the performance of LDPE samples
containing 0.5, 1, 3 and 5 wt % of nano-ZnO. The nanocomposites were exposed to the electric field for
different time intervals. It was observed that a reduced content of ZnO nanoparticles lead to improved
resistance to corona discharges. After 24 h of 10, 30 and 50 kV·mm−1 field application, LDPE/ZnO
samples exhibited much lower values of accumulated space charge density than unfilled LDPE. The
increase in aging time from 24 to 48 h reduced the volume resistivity and dielectric strength for all
types of samples but these reductions were lower for LDPE/ZnO samples. In addition, the increase in
the ZnO content caused an increase of the dielectric resistivity and breakdown strength of the samples,
with a critical concentration of 5 wt %, at which these values decreased. The results suggested that the
addition of nano-ZnO in low contents caused the occurrence of deep traps at the interfaces between
nanoparticles and LDPE, in which space charges formed by discharges were accumulated. If the
ZnO particle concentration amounted to 5 wt %, electrical resistivity and breakdown strength reached
the maximum values after corona aging within the set of samples investigated. Zheng et al. [150]
demonstrated that PDs degrade LDPE areas (in LDPE/ZnO nanocomposites) due to the combination
of electrons associated with discharges and voids from the material, which generates UV irradiation.

A study of PD levels in HDPE was performed by Yamano and Okada [151] who
added azobenzene derivatives such as azobenzene, p-nitro-azobenzene, p-amino-azobenzene and
nitrobenzene-azo-resorcinol in amounts between 0.05 and 0.5 wt % to the polyolefin. The authors
found that the level of PDs decreased by up to 20% compared to the samples without additives. It was
concluded that this reduction relied on the prevention against secondary electron emission from the
void wall due to the excitation of the azobenzene derivatives and prevention of electron detachment
from the void wall due to the charge traps in the presence of the azobenzene derivatives [151].

The behavior of nanocomposites based on a blend of natural rubber (0–30 wt %) and LLDPE
without or with 5 wt % of nanofillers of alumina trihydrate Al2O3·3 H2O was investigated using the
CIGRE method II by Aulia et al. [152]. The results showed that the addition of natural rubber to
LLDPE had positive effects on the PD resistance and that LLDPE blends with 20 wt % of natural rubber
exhibited the highest PD resistance.

The studies presented in this section confirm that the use of polymer-based nanocomposites
with organic or inorganic particles might lead to a reduction in PD degradation in power cable
accessories and insulations, contributing to increased cables’ lifetimes. The increase in PD resistance of
nanocomposites is due, among other things, to the following reasons:

1. Reduction of the polymer free space (preventing the erosion progress starting from PDs);
2. Segmentation of the polymer matrix (hindering the development of PDs);

243



Polymers 2019, 11, 24

3. Coupling agents that enhance the bonds between matrices and fillers (hindering the development
of PDs);

4. Different values of the electrical permittivity of the matrix and the filler (decreasing the electric
field local values and hindering the initiation and the development of PDs);

5. Nanofiller residues piled-up on the surfaces of specimens (hindering the development of PDs).

8. Space Charge in Nanocomposites

8.1. Space Charge Accumulation

Space charge is considered to be an excess of electric charge continuously distributed in a space
region (volume or surface) and consists of electrons, holes and ions [153]. In terms of power cables,
space charge is generally understood as a separation of free charge in the volume or interface of their
insulation components due to: (i) carriers generated in the technological processes, (ii) space charge
injection on the electrodes, (iii) the field-assisted thermal ionization of impurities from the insulation
and (iv) the insulation degradation under the action of (electrical, thermal, mechanical, environmental
etc.) stresses during operation [154]. In addition, space charge can accumulate in the case of the
electric tree development [155,156] and/or in electrochemical approach (e.g., by water trees) [157–161].
With respect to DC power cable joints with multi-layered insulation, electric charges accumulate at the
interfaces of the layers during operation due to the different values of the charge carriers’ relaxation
time in the adjacent layers τ (Equation (6)):

τ = ε/σ, (6)

in which ε represents the permittivity and σ the electrical conductivity of the layer.
Space charge density is measured by different methods such as the piezoelectric-induced pressure

wave propagation PIPWP method, the laser-induced pressure propagation LIPP method, the thermal
step method TSM method, as well as the pulsed electro-acoustic PEA method [14,154,162,163].
The accumulation in time of the space charge contributes to the local intensification of the electric
field, which accelerates the degradation process of the material [133,153]. Although the analysis of the
global action of space charge on the insulation is difficult to achieve, it is still necessary to control and
to reduce space charge accumulation in high-voltage DC systems [162].

8.2. Space Charge Reduction

Space charge accumulation in polymer cables insulation is closely related to the intensity of the
electric field and the concentration of potential pits [111,164], the values of the free volume contained
by them [165], the nature and states of the electrodes [154], the insulation dimensions [166] and the
temperature gradient [167].

Fillers introduce additional trapping sites at particle interfaces and/or through morphological
changes within the polymer matrix that serve to modify the original trap distribution [153]. As a
result, the space charge accumulation in polymer nanocomposites changes compared to the unfilled
polymers, depending on the nature of the polymer and the nanoparticles characteristics [168–170].
Thus, the volume density of the space charge has lower values [168] and its distribution changes in the
case of nanocomposites compared to microcomposites [168,171,172].

Tanaka et al. demonstrated that the space charge inception threshold shifted to lower values
for isotactic polypropylene i-PP-based as well as ethylene vinyl acetate EVA-based nanocomposites
with nanofillers (from 12 to 4 kV·mm−1 for EVA and from 14 to 5 kV·mm−1 for PP) [111]. In addition,
charges accumulated in the bulk at the field 60 kV·mm−1 tended to decrease with increasing addition
of nanosized fillers from 2 to 6 wt % (for both, EVA and i-PP). Moreover, the charges dissipated more
quickly in nanocomposites compared to microcomposites [153].
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8.3. Space Charges in Nanocomposites Based on Polyethylene (PE)

The influence of fumed silica nanoparticles on the space charge accumulation in XLPE for power
cable insulations was analyzed by the CIGRE Working Group D1.24 [105]. Three types of samples were
used: unfilled XPLE (H1), XLPE with 5 wt % of unfunctionalized nano-SiO2 (H2) and XLPE with 5 wt %
of nano-SiO2 surface-functionalized with a specific chemical coupling agent, selected to improve the
dispersion in polyethylene (H3). The space charge was measured by the pulsed electro-acoustic PEA
and the thermal step TS method. The results revealed that the lowest space charge amount occurred in
composites with surface-treated nanofillers (Figure 29). The overall results showed that a heterocharge
was generated in unfilled XLPE, which was associated with contaminant residues of the crosslinker
and natural impurities [105]. Moreover, it was confirmed that nanofillers reduced this heterocharge as
the nanoparticles were able to interact with the impurities. Concerning the charge injection, it was
demonstrated that homocharges were injected more easily into filled than unfilled XLPE. It was also
highlighted that charge packets appeared at very high electric field values [105] and that these charge
packets were reduced by the addition of nanoparticles.

Figure 29. Space charge distribution at 20 kV·mm−1 in unfilled and filled XLPE prior to (red bars;
samples 1, 2 and 3) and after treatment at 80 ◦C for 5 d (blue bars; samples H1, H2 and H3). Reprinted,
with permission by IEEE, from reference [105].

Lau et al. studied the influence of SiO2 nanoparticles, both untreated and treated with
trimethoxy(propyl)silane, on the space charge formation in nanocomposites based on blends of LDPE
(80 wt %) and HDPE (20 wt %) [153]. Space charge measurements were performed via the PEA method
on samples subjected to electric fields of 25 and 40 kV·mm−1. The authors revealed that homocharges
were separated near both electrodes and that their values increased with rising content of nanofillers. At
40 kV·mm−1, less charge accumulation was observed in samples containing surface-treated nano-SiO2

compared to composites filled with the same amount of untreated nano-SiO2 [153]. This behavior
was explained by the accumulation of homocharges due to the generation of localized surface
states upon the introduction of nanofillers. The influence of the electric field as well as the surface
treatment of nano-SiO2 particles with diameters of 10 to 20 nm on the charge dynamics was studied
by Wang et al. [173]. They used trimethoxy(propyl)silane-functionalized and untreated nano-SiO2

particles. The samples (blends of 80 wt % of LDPE and 20 wt % of XLPE; unfilled or filled with
nano-SiO2) were subjected to DC high fields of 30, 50 and 70 kV·mm−1; the space charge was measured
by the PEA method. The authors showed that a lower concentration of silica nanoparticles improved
the dynamic space charge and that the composites with surface-treated particles had a better dispersion
of the space charge. A reduction of the space charge was obtained in the presence of nanoparticles
(especially homocharges) [173].

The influence of TiO2 on the accumulation of space charges in LDPE was analyzed in two
studies [170,172]. Experiments were performed on LDPE samples with different contents of TiO2

of up to 6 wt %. It was demonstrated that: (i) for DC fields of 40 kV·mm−1, the hetero-polar space
charge near electrodes was much lower in LDPE/TiO2 nanocomposites than in pure LDPE; (ii) the
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space charge inside the nanocomposites was more uniform in the nanocomposites than in pure LDPE
(reducing local field strengths) and (iii) the space charge decreased after sample breakdown, which
was faster in samples containing TiO2.

Xu et al. studied the influence of polyhedral oligomeric silsesquioxanes POSS nanofillers on the
space charge accumulation in LDPE samples [174]. For tests, samples of pure LDPE and LDPE with
1 wt % of iso-octyl POSS (IOPOSS), octamethyl POSS (OmPOSS) and octa-iso-butyl POSS (OibPOSS)
were prepared. In the absence of voltage, the homocharge density was higher in LDPE/OibPOSS and
LDPE/OmPOSS samples (for voltages below 5 kV), while the charge injection in LDPE/IoPOSS under
10 kV was the lowest.

The effects of introducing nanosized BaSrTiO3 particles (contents of 2 and 10 wt %) into LDPE
on the space charge accumulation in LDPE were studied by Fleming et al. [175,176]. By using 50 nm
BaSrTiO3 nanoparticles, the authors prepared flat nanocomposite samples with heights of 150 to
200 μm with aluminium electrodes and subjected them to a DC voltage of 3.1 kV for 1 d at room
temperature (r.t.). The results showed that the space charge density was approximately an order of
magnitude smaller in the nanocomposite samples compared to unfilled LDPE.

The addition of ZnO nanoparticles in PE leads as well to changes in space charge values.
The studies performed by Fleming et al. [95] demonstrated that the ZnO nanoparticles reduced
the density of homocharge accumulation close to the electrodes. A study of the ZnO influence on the
space charge in LDPE was performed by Tian et al. [177]. Using samples of LDPE with untreated ZnO
(average size of 50 nm) at concentrations of 0.1, 0.5, 1, 3, 5, 7 and 10 wt %, the authors determined the
space charge density for electric fields of 50 kV·mm−1. It was shown that the introduction of ZnO lead
to space charge suppression in the nanocomposites due to a significant increase of the trap density.

Murata et al. studied the influence of MgO nanoparticles on the space charge accumulation in
LDPE [178]. Flat samples with a thickness of 200 μm were prepared and subjected to DC fields of up to
125 kV·mm−1. The authors found that the amount of space charge was reduced in the nanocomposites.
Furthermore, the ratio of stress enhancement was reduced by the addition of nanosized MgO-fillers in
a certain range of concentrations: At the average stress of 125 kV·mm−1, the electric field enhancement
ratio of LDPE was reduced by adding 1 wt % of nanosized MgO. However, if the MgO content exceeded
1 wt %, the values of the electric field enhancement ratio did no longer change. Similar findings were
presented by Murakami et al. [98]. They observed that the increase in the amount of injected charge
depended on the MgO content, which caused a reduction in space charge density values [98]. The space
charge formation in LDPE/MgO nanocomposites under DC stress at high temperatures was studied
by Taima et al. [179]. LDPE and LDPE/MgO nanocomposite films with a height of 100 μm and a MgO
content of 0.2, 0.5, 1.0 and 2.0 wt % were prepared. In order to measure the space charge in DC fields
of up to 200 kV·mm−1 and at elevated temperatures of up to 60 ◦C, an improved PEA system was
used [180]. The study revealed that: (i) the introduction of MgO nanoparticles lead to space charge
reduction, (ii) the space charge density increased with increasing field and temperature and (iii) the
local enhancement of the electric field was reduced in LDPE/MgO nanocomposites, particularly at
higher concentrations of MgO [180]. Peng et al. studied the space charge in films of 450 μm height
based on LLDPE/MgO nanocomposites with a MgO content ranging from 0 to 5 wt % [19]. The
samples were subjected to electric fields of 20 and 40 kV·mm−1 for 1 h at r.t. and the space charge was
measured with a PEA system. The results revealed that, at low nanoparticle loading, the LDPE/MgO
interfaces reduced the characteristic trap energy levels and bound charges injected from electrodes.
Consequently, a reduction in space charge density in LDPE/MgO nanocomposites was achieved [19].

Research performed by Zheng et al. on LDPE/MgO nanocomposites showed that the space charge
distribution improved and the decay rate of space charge increased with rising temperature [181].
The influence of the samples’ height and temperature gradient on the space charge accumulation in
nanocomposites based on PE was analyzed by Chen et al. [167], Lv et al. [166] and Wu et al. [182].
Chen employed LDPE samples, while Lv was applying XLPE samples with 1 wt % of SiO2 fillers. In the
case of unfilled XLPE samples, a correlation between the space charge distribution and the temperature
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gradient was obtained. For the XLPE/SiO2 nanocomposites, a correlation of the space charge density
and the samples’ heights was observed: In the case of thin samples, heterocharges accumulated but
their density decreased with the increase in samples’ heights. XLPE/SiO2 nanocomposites showed a
more pronounced correlation of samples’ heights with the heterocharge density than unfilled XLPE
under temperature gradients [166]. The influence of the nanoparticles’ size on space charge was
studied by Wu et al. [183] on samples of LDPE/SiO2. The concentration of the SiO2 nanoparticles
was kept constant at 2 wt %, while the particle sizes were varied among 7, 12 and 16 nm. The results
revealed that the accumulation of space charge in LDPE could be suppressed by nano-SiO2 and that
the nanoparticle content for which this effect was maximal depended on the size of the filler [183].
A similar study on the influence of SiO2 dimensions on space charge accumulation in LDPE was
performed by Yin et al. [170]. The authors used SiO2 nanoparticles with dimensions of 7 and 16 nm and
concentrations of 1, 3 and 5 wt %. It was found that the density of deep traps was significantly reduced
after the introduction of nanofillers and that the density of deep traps is lower in nanocomposite filled
with 7 nm nanofiller [170].

In the case of DC cables junctions with two distinct polymer layers (i.e., XLPE and EPDM), a layer
of space charge is separated at their interfaces whose density depends on the conductivity and electric
permittivity values of the polymer layers [133]. Replacing the EPDM layer with one containing SiC
particles, the space charge accumulation on the interface gets reduced to significant extent, while the
junction performance is improved [34].

9. Electrical Treeing in Nanocomposites

9.1. General Characteristics of Electrical Treeing

Electrical treeing is one of the main causes for failure and damage in electrical power cable
insulations [184]. Electrical trees are networks of very thin channels (including gases at high pressures)
initiated near insulation and/or electrodes defects, which develop in the insulation during the electrical
equipment operation [133,185]. In order to study the electrical treeing and to define the resistance to
trees, two methods based on the local electric field intensification are generally used, the needle-plane
electrodes method and the electron beam irradiation method. The needle-plane electrodes method is
employed particularly for studying the development of electric trees in the bulk of a sample, while the
electron beam irradiation method is employed in particular for the study of surface trees [186].

The electric tree channels (Figure 30a) are formed by the local destruction of the material under
the synergetic action of the electric field, namely the PDs (from the cavities and channels), the heat
and the mechanical stress produced by the electric field and the gases from the channels (yielded
from material degradation). The electric trees initiated near the electrodes are called vented trees and
they are developed from the electrode to the ’inside’ of the material (Figure 30a). In contrast, the
trees generated inside the insulation (near cavities, metal inclusions, etc.) have a channels structure
developed along the electric field lines on both sides of the defect (electric field concentrator) and
are called bow tie trees. Electrical trees have been observed in all polymer classes used for medium-
and high-voltage insulation: polyethylene [133], polypropylene [187], silicone rubber [188], ethylene
propylene rubber [189], ethylene propylene diene rubber [190], polyimide [191], epoxy resin [192] and
so forth. The electric trees obtained in PE with needle-plane electrodes in harmonic fields of 50 Hz are
tree-shaped (or branched) for E < 5.4 GV·m−1, bush-shaped for E values ranging from 5.4 to 6 GV·m−1

and bush-tree-shaped for E > 6 GV·m−1 (these values decrease with increasing frequency) [42].
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Figure 30. (a) Development of vented electric trees in LDPE. (b) Schematic representation of the
electric tree development: A: inception phase; B: development stage; C: unstoppable growing (prior to
breakdown); D: fast growing stage; E: slow propagation region; ti: initiation time (the time difference
between the detection of electrical tree and the voltage application); ts: breakdown time (the time
difference between the breakdown of the specimen and the voltage application). Reprinted, with
permission by the author, from reference [133].

The development of electric trees is a discontinuous process, with sudden increases in trees’
dimensions (e.g., length L) followed by local breakdowns (Figure 30a,b). The involution period of the
tree growth is considered as an inception (incubation) period for the occurrence of the ‘split’ within the
initial branch (channel). During this period, PDs extend into the newly formed channels, contributing
(by the energy transmitted to their walls) to the increase in diameters (and lengths of the last formed
branches) [193]. This evolution is observed for both, tree- and bush-tree shaped congeners, up to the
phase C, until the ’accelerated’ development phase starts (Figure 30b), in which L increases very fast
until the thermal breakdown of the specimen has been reached.

Multiple studies of various types of PE for medium and high voltage cables insulations have
highlighted the dependence of the electric tree rate development on various factors, such as intensity
of the electric field [194], the electric field frequency [193,195,196], chemical characteristics [197]
and physical structure of the polymer [198–202], temperature [194], impurities concentration [203],
moisture content [204], mechanical stress [155,156,205–207], as well as electrodes characteristics,
shapes and dimensions [208,209]. Several new PE compounds containing organic additives (such
as polycyclic aromatic compounds or benzophenone derivatives) [203] were obtained, which can
capture high-energy electrons and dissipate their energy [210] while forming aromatic anions [42].
Thus, depending on the properties and concentration of the additive, an increase in inception times
and a reduction in the propagation rate of the electric trees in PE can be achieved [211]. In order
to extend the lifetime of an insulation, composite materials with barriers and surrounding polymer
matrix are commonly used in power engineering [212] and many research studies were performed on
the development of nanocomposites for increasing electric breakdown resistance [14].

In recent years, a plethora of new polymeric materials has been developed, with
improved properties compared to conventional polymers. These include copolymers and
especially nanocomposites based on thermoplastic polymers and inorganic fillers [198,213,214].
These improvements depend on several factors, among which the properties of nanoparticles and
nanoparticle-induced morphological changes at the nano- or micrometric scale are very important [198].
Based on the multi-core model (Figure 20) [100], an explanation of the increase in electrical treeing
resistance of polymer nanocomposites was given [215]: It is considered that the treeing resistance
of nanocomposites is due to the control of the acceleration of electron carriers by the diffusion layer
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and the multi-core layer. Namely, the electrical treeing resistance depends on the distance between
the nanoparticles, the total area of the nanoparticle-polymer interface and, evidently, on the interface
characteristics [215,216].

The electric tree growth in polymers can be slowed down by three methods: (i) changing
the physical structure of the polymer [217], (ii) improving the manufacturing process by applying
super-clean technology [218] and (iii) by adding voltage stabilizers [219]. In the presence of
nanoparticles, the tree propagates through the polymer or the interfacial region and forms a zigzag
pattern around the nanoparticles, thereby extending the pathway through the composite. Thus, the
electrical tree needs more time to pave the way to the opposite electrode [185].

9.2. Electrical Treeing in Nanocomposites Based on Polyethylene (PE)

The increase of the electrical treeing resistance of PE by using organic additives was analyzed
by Yamano and Iizuka [216]. The authors studied samples of LDPE, into which different aromatic
additives such as naphthalene, anthracene, 9,10-dibromoanthracene, tetracene and pentacene were
introduced. It was found that the inception voltage of electric trees Uiet depended on the type of the
compound added; anthracene was the most effective additive with respect to increasing Uiet values.

Alapati et al. [198,220] studied the influence of alumina Al2O3 on the electrical treeing resistance,
the inception voltage and the propagation rate of electric trees in unfilled LDPE as well as LDPE filled
with 1, 3 and 5 wt % of nano-Al2O3. The authors observed that the introduction of Al2O3 nanoparticles
into the polymer lead to an increase of the tree inception voltage with a filler content below 3 wt %.
It was also described that the tree growth slowed down and changed in shape, namely from branch
to bush, with rising filler loading. Both, the slow propagation of tree growth as well as the reduction
in tree inception voltage at increased filler loadings, were attributed to the morphological changes of
the nanocomposites. By scanning electron microscopy SEM, it was observed for higher filler loadings
that the degree of crystallinity was reduced and the lamellae packing was increased. In addition,
LDPE filled with 5 wt % of particles exhibited a high content of disordered spherulitic structures [198].
It should be noted that, for 5 wt % of Al2O3 content, the inception voltage of trees decreased. The
authors explained this phenomenon by an increase in trap density resulting from the reduction of the
critical field required for detrapping [220].

Yamano and Iizuka characterized the behavior of electrical treeing of nanocomposites based on
LDPE and Al2O3 nanoparticles (0.5 to 9 wt %), phthalocyanine additives (0.5 to 8 wt %), as well as a
combination of both fillers [216]. The authors showed that the exclusive addition of Al2O3 nanoparticles
lead to insignificant increases of the inception voltage of the electric trees Uiet only. They concluded that
the increase of the Uiet (in the presence of Al2O3 and phthalocyanine additives) was due to the effects of
the π-electron resonance in phthalocyanine and the semi-conductive characteristics of phthalocyanine
crystallites [215]. It was also shown that the time interval τ intervened between initiation of the tree
in a sample and its breakdown was 10 times higher for the nanocomposites containing Al2O3 and
phthalocyanine compared to unfilled PE. In samples containing only Al2O3 nanoparticles, τ was 3 times
higher than in the unfilled polymer, while, in the case of LDPE samples containing phthalocyanines, τ
was comparable to the unfilled polymer. The authors explained these results by a better dispersion
of Al2O3 nanoparticles in the polymer matrix by the addition of phthalocyanines and the increase
of the nanoparticle-polymer interface area. It is well-known that phthalocyanine is not soluble in
LDPE and, thus, the additive forms small crystals with sizes in the range of 0.1 to several μm in
the polymer matrix [221], which distorts the electric field. In order to avoid the effect of limitation
in the inception voltage increase, Yamano prepared nanocomposites based on LDPE and Al2O3, in
which phthalocyanine was replaced by an azobenzene derivative (having π-electron clouds with an
absorption band of kinetic energy of the electrons from 2 to 5 eV) [151]. It was shown that for samples
containing Al2O3 and 2 to 3 wt % of the azobenzene derivative, the initiation voltage of trees was
2.4 times higher compared to samples without additives. The duration of tree initiation increased in
the case of samples with additives by approx. 100 times (for a voltage of 15 kV) for samples containing

249



Polymers 2019, 11, 24

3 wt % of Al2O3 and 2 wt % of the azobenzene derivative as additives. The use of Al2O3 also enabled
to control the tree growth [221].

Addition of a certain content of montmorillonite MMT to PE improved the electrical treeing
resistance of the material. This filler effect depended, among others, on the preparation approach
and dispersion degree of MMT in the polymer (Figure 31a) [184]. It was also observed that the
shapes of the trees were changed upon the addition of MMT. Tests were carried out on samples with
dimensions of 10 × 8 × 3 mm using a needle-plane electrode system (tungsten-needle electrodes with
a radius of 3 μm) at a voltage of 7 kV [222]. Branch-shaped trees with ‘non-conductive’ channels were
obtained in unfilled LDPE, while bush-shaped trees with ‘conductive’ channels were observed in
LDPE/MMT nanocomposites. In addition, the results revealed that the tree lengths were shorter by
about 60% in LDPE/MMT nanocomposites compared to unfilled LDPE. The influence of the MMT
dispersion morphology (isotropy in random arrangement or anisotropy in oriented arrangement) on
the development of electric trees in LDPE was studied by Yang et al. [184]. The authors orientated
the nanofillers in the matrix by applying an electric field that induced the field-controlled orientation,
aggregation and arrangement of the nanoparticles. The sample morphology was influenced by the
heating temperature, the type of electric field (AC or DC) and the intensity and application time of
the field. It was observed that the applied electric field induced the orientation of the MMT particles
parallel to the samples’ surfaces, hence achieving a uniform dispersion of MMT in LDPE. When the
electric field was set for the tree initiation, the MMT particles were arranged perpendicular with
respect to the direction of the electric field, acting as a barrier that inhibited electrical tree initiation
(Figure 31a). The MMT barrier interrupted the growth and the original direction of tree growth [184].

(a) (b) 

Figure 31. (a) Variation in time t of electric tree’s average lengths L developed in unfilled LDPE (LDPE),
LDPE with 5 wt % of MMT (LDPE/MMT) and LDPE with 5 wt % of MMT treated in an alternating
electric field (LDPE/MMT (AC)). Reprinted, with permission by IEEE, from reference [184]. (b) Length
dispersion of electrical trees in PE and PE/MMT composites with varying content of MMT: 0 (PE), 0.5
(PE/MMT-0.5), 1 (PE/MMT-1), 3 (PE/MMT-3) and 5 wt % (PE/MMT-5). Reprinted, with permission
by IEEE, from reference [223].

In order to improve the electrical tree resistance of cable insulations, PE nanocomposites with
nanoMMT layered fillers were prepared by Chi et al. [223]. The authors prepared plate samples with
surface-modified MMT in concentrations ranging from 0.5 to 5 wt %. It was shown that the tree length
Let in MMT/LDPE samples was reduced, particularly for lower filler concentrations. The lowest values
of Let were obtained at a MMT concentration of. 0.5 wt % (Figure 31b) [223]. The development of electric
trees in nanocomposites based on LDPE with 10 wt % of fibrous and laminar filosilicate nanofillers
such as sepiolite (SEP10), montmorillonite (MMT10) and combined sepiolite and montmorillonite
(MMTSEP10) was studied by Guastavino et al. [224,225]. It was found that the treeing inception
voltage TIV amounted to 18.8 kV in unfilled LDPE samples. The values significantly decreased to
12.4 kV for SEP 10 and 15.8 kV for MMTSEP10, respectively, and remain practically unchanged at a
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value of 18.48 kV for MMT10 samples. It was also observed that the layered MMT platelets have the
strongest effect on slowing down the propagation of electrical trees in LDPE nanocomposites [225].

Tiemblo et al. described the initiation and development of electric trees in LDPE with 5 wt %
of spherical silica (SPH samples) and organically-modified fibrous phyllosilicate nanoparticles (FIB
samples), as well as a modified laminar phyllosilicate montmorillonite (LAM) [226]. The modification
of silica nanoparticles and the fibrous phyllosilicate was carried out with grafting strategies using
methoxysilanes with p-toluenesulfonic acid as the catalyst. The time to inception TTI and the time to
breakdown TBD of the samples were measured and the tree growth duration TGD was determined.
The results showed that the tree shapes, TTI and TGD depended on the samples’ structures and
the applied voltage. At voltages below 15 kV, the laminar silicate provided a barrier effect for the
propagation of the electric trees as well as the initiation and propagation duration of the electric trees’
growth. This phenomenon was explained by the semicrystalline morphology of the nanocomposite
upon the addition of LAM. Above 15 kV, however, this type of nanocomposite exhibited TTI values
that were higher than those of unfilled LDPE. In agreement with literature data, this observation can
be retraced to the interfaces of the large spherulites, which are populated with larger free-volume sites
that promote the inception of electrical treeing [226]. The nanocomposites containing silica and the
fibrous silicate did not show this barrier effect, as their geometry was either spherical (nano-SiO2) or
fibrillar. Below 15 kV, the fibrous silicate did not influence the tree growth but caused an increase
of their initiation time due to the particular semicrystalline morphology. With regard to nano-SiO2,
a reduction in the inception of the tree duration and an increase in the tree propagation rate was
observed [226].

The influence of MgO nanoparticles on the development of electric trees in LDPE samples was
analyzed by Kurnianto et al. [227]. The authors used plate samples with filler concentrations of 0, 1,
5 and 10 wt %. The tree inception voltage TIV, breakdown voltage BDV, the tree development time
te and samples breakdown time tbd were measured. It was shown that the MgO nanoparticles acted
as barriers for tree initiation and growth. The tree inception voltage increased with increasing filler
content from 4.44 kVrms for unfilled LDPE to 5.66 kVrms for samples containing 10 wt % of MgO.
Tree development times increased with increasing filler loading from 3.8 min for unfilled LDPE to
10.5 min for samples with 10 wt % of MgO [227]. These results were explained by the fact that MgO
particles have a higher affinity for electrons than the polyolefin, which leads to easier electron trapping
near the needle electrode. The initiation of some buds of a tree during tree development can be affected
by trapping in localized states and local electric fields induced by nanofillers [228]. As a result, the
formation of electron avalanches that initiate trees or generate new branches and develop new trees is
hindered and the VIT increases. The propagation involves an electron collision with MgO particles,
which prevents the development of an electron avalanche [227]. Thus, MgO particles slow down the
initiation and the development of the electric trees.

Kawano et al. performed a similar study on the influence of MgO on the initiation and
development of electric trees in nanocomposites [229]. The statistical analysis revealed that 63.2% of
the respective tree inception voltages were 4.44, 4.60, 4.95 and 5.66 kVrms for LDPE/MgO samples with
0, 1, 5 and 10 wt % of MgO content: The tree inception voltage increased with increasing nanofiller
content [229]. Tanaka et al. tested LDPE/MgO samples with filler contents of 1, 2, 5 and 10 wt %
at voltage frequencies of 60 and 600 Hz [230]. It was found that the inception voltage tended to
decrease slightly if the filler content ranged from 0 to 2 wt % and increased slightly at higher particle
concentrations from 2 to 10 wt %. Moreover, the tree length decreased with increasing filler content for
less than 2 wt % of nanoparticles. At a filler concentration of 10 wt %, the tree growth is practically
suppressed (Table 3) [230]. Using light emission to determine the inception voltage of trees in samples
with relatively low contents of MgO nanoparticles, Tanaka et al. showed that the tree inception
voltage was increased at a MgO concentration below 1 wt % (Table 4) [231]. It should be noted that
the development of electric trees in polyethylene can also be achieved by electron beam irradiation
without any applied field. A test performed by Xiao et al. on samples based on LPDE without and
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with nano-SiO2 showed that SiO2 nanoparticles reduced the tree lengths [232]. Also, the introduction
of Buckminster fullerene (C60) or its derivatives such as [6,6]-phenyl-C61-butyric acid methyl ester
(PCBM) lead to an increase of the inception field of electric trees by more than 25% [11].

Table 3. Lengths of electrical trees depending on the content of MgO fillers in LDPE/MgO
nanocomposite block specimens at 600 Hz. Adapted from reference [230].

MgO content (wt %) 0 1 2 5 8 102

Tree length (μm) 118 76 66 77 62 55

Table 4. Tree inception voltage determined by light emission in LDPE/MgO nanocomposites. Adapted
from reference [231].

MgO content (wt %) 0 0.2 0.4 0.5 0.8 1

Tree Inception Voltage (kVrms) 2.65 2.73 2.93 3.09 3.13 3.16

10. Water Treeing in Nanocomposites

10.1. General Characteristics

Water trees are diffuse regions that appear inside insulations under the action of the electric field;
they consist of water-filled microcavities. Water trees are formed along the electric field lines similar to
electric trees. If the water trees start growing on the surface of electrodes, they are called vented trees.
This is the case of trees growing in PE insulations of medium and high voltage electrical cables, where
the growth starts from semiconductor layers in contact with needle electrodes (Figure 32a) and in plate
samples with surface defects (Figure 32c) [133] and so forth. Bow-tie trees (Figure 32b) start growing
at defects within the bulk material (impurities, cavities, etc.) and grow into the insulation. The typical
characteristic of water tree branches is the formation of spherically shaped microcavities with a radius
of 1 to 5 μm with a high density of 106 to 109 mm−3 [233]. Several parameters are used to characterize
water treeing, namely the electric field and (inception) voltage, the length at a given time, the maximum
length, the average growth rate, the area and the volume occupied by trees, the density of trees and so
forth. [163] In water trees, Fe, Al, S, Na, K and C ions were detected in the bow tie trees and Cu, Si, S, K,
Ca and Fe ions were detected in vented trees [133,234], as ions that drift with water molecules during
the development of water trees and increasing content with the applied voltage [235].

 
(a) (b) 

 
(c) 

Figure 32. Water trees. (a) Vented tree developed at the tip of a needle electrode. (b) Bow-tie tree
developed starting from an impurity. (c) Water trees developed in a laboratory from defects located at
the surface of LDPE samples as a function of time t1 (1) < t2 (2) < t3 (3). Reprinted, with permission by
the author, from reference [133].
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Initiation and water tree growth occur particularly in the lower density regions of insulations
(amorphous regions) [236] and are influenced by several factors such as the intensity and frequency
of the electric field [42,133], the characteristics and concentration of the salts in the liquid that is in
contact with the insulation [237], the concentration of additives [238], the temperature [239,240], the
degradation degree of the material [239,241], the quality of the electrode surfaces and semiconductor
layers and so forth. [242].

Notingher et al. showed that a critical field strength exists for each material [243]; above that
threshold, water trees are formed. Various types of mechanisms have been proposed for the initiation
and growth of water trees. Overviews were given by Nunes and Shaw [244], Shaw and Shaw [245],
Steennis and Kreuger [236], Dissado and Fothergill [42], Ross [242], Crine [239], Notingher [133] and
so forth. It can be concluded that two types of mechanisms seem to play a decisive role in water trees
growth: (i) mechanisms based on the electrochemical degradation of the insulation and (ii) mechanisms
based on the mechanical action of the electric forces on the material [246]. A detailed analysis of these
mechanisms can be found in references [42] and [133].

Water trees in insulations lead to significant deterioration of the electrical properties and to
local increase of the electric field [247]. A reduction of resistivity was observed in various studies by
Bahder et al. [248], Tabata et al. [249], Tanaka et al. [250], Steennis et al. [236], Wojtas [251] and so forth.
As the water concentration increases in the “tree regions”, the permittivity increases correspondingly
compared to the material without water trees [252]. The measurements performed by Stucki on
samples of PE insulation from cables containing water trees revealed a relative permittivity between
2.7 and 3.6 [253]. Also, dielectric losses increase in insulations deteriorated with water trees. This
phenomenon has been studied on samples manufactured in laboratory scale [254] and on insulations
of cables in operation [255].

Water tree development reduces the insulation breakdown strength (Figure 33a). If electrical trees
are initiated in regions with defects such as cavities, impurities and so forth, these trees will develop
around the region of the water trees until the insulation breaks down (Figure 33b). In order to reduce
the number and growth rate of water trees, retardants such as organometallic compounds, additives
with hydrophilic groups and so forth, are added to polymers, providing, for example, tree-retardant
XLPE (TRXLPE) [256–258]. Over the last years, insulations based on various PE-based nanocomposites
were manufactured. For the experimental work, two types of models are mainly used, (i) the uniform
field models [246,259] and (ii) divergent field models [246,260,261]. The electrolyte solutions are
commonly prepared with NaCl but also other salts such as AgNO3, CuSO4, Fe2O3 and so forth, are
used; their concentrations being in the range of 0.01 to 10 M [246].

 
(a) (b) 

Figure 33. Electric trees developed in the presence of water trees. (a) The electric tree starts growing
from the water tree. (b) The electric tree circumvents the water tree. Reprinted, with permission by the
author, from reference [133].

253



Polymers 2019, 11, 24

10.2. Water Treeing in Nanocomposites Based on Polyethylene (PE)

Series of research studies were performed on samples based on LDPE and XLPE with different
types of inorganic nanofillers [240,260,262–265]. Huang et al. studied the effect of nano-SiO2 particles
on the water trees growth in LDPE [262]. LDPE samples without filler (LDPE) were compared
with nanocomposites containing 2 wt % of untreated Aerosil 200 nano-SiO2 (LDPE 200) and with
samples containing the same amount of surface-modified nano-SiO2: For surface modifications, either
octyl-trimethoxysilane (LDPE-O) or dimethyldichlorosilane (LDPE-D) were used. For the production
of water trees, the authors used plate samples the sandblast surfaces of which were in contact with the
electrolyte (1.0 M NaCl solution). A voltage of 5 kV with a frequency of 50 Hz was applied for 45 d and
the tree lengths Lwt were measured as 827 μm for LDPE, 601 μm for LDPE-D, 573 μm for LDPE-O and
531 μm for LDPE 200. This study revealed that nano-SiO2 could suppress the water tree growth in PE.
In addition, it was shown that hydrophilic SiO2 comprised a higher efficacy in reducing the rate of water
trees growth compared to hydrophobic SiO2, which can be explained by the alternation of the LDPE
morphological structure due to the presence of nano-SiO2 and by the generation of small spherulites, in
which water trees developed faster [266]. Huang et al. [263] conducted a similar study using samples
based on LLDPE without fillers and with nano-SiO2 in 2.5 wt % quantity, the surfaces of which were
either untreated (LLDPE-U) or treated with octyl-trimethoxysilane (LLDPE-OCT). After 45 d of sample
aging, water trees developed in each sample. It was observed, however, that the water tree growth had
lower values in the samples with fillers than in unfilled LLDPE. The authors attributed this behavior
to the increase of the number of small spherulites upon the introduction of nanoparticles and the
hydrophilic character of the untreated particles. Stress tests with high frequency voltages of 1 kHz
using a water needle-plane geometry were performed by Hui et al. on XLPE samples [260]. The authors
used plate samples based on XLPE without filler (XLPE) and with nano-SiO2 fillers in 5 or 12.5 wt %
quantity. Two types of nanocomposites were prepared: either with untreated nano-SiO2 fillers (5UN
and 12.5UN) or with vinyl silane-treated nano-SiO2 fillers (5VS and 12.5VS). Using a NaCl solution
with a concentration of 0.5 M, it was confirmed that the morphology of water trees changed by the
addition of SiO2 nanoparticles. In neat XLPE samples, trees grew preferentially from the water needle
electrode towards the ground plane, while, in nanocomposites, the water trees had a wider fan-shaped
morphology [260]. Furthermore, the nanocomposite with functionalized particles showed a decrease
of water tree growth compared to the pristine XLPE (Figure 34). With the increase in the nanoparticle
content, water tree development was further restricted. These observations were attributed to the
interfacial regions introduced by nanoparticles. In the case of functionalized nanoparticles, more
robust interfacial region was argued to be obtained, which further enhanced the resistance to the
development of water trees [260].

Figure 34. Variation on time of the water tree lengths in unfilled XLPE (XLPE) and composites with
untreated nano-SiO2 fillers (5UN and 12.5UN) or congeners treated with vinyl silanes (5VS and 12.5VS).
Reprinted, with permission by IEEE, from reference [260].
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The influence of MMT on the development of water trees in XLPE was studied by Li et al. [264].
The authors carried out experiments on plain XLPE samples with a height of 20 mm and
nanocomposites with MMT in quantities of 1, 2 and 3 wt %. It was observed that the length of
water trees decreased in the nanocomposite samples. This decrease was more pronounced in samples
with higher filler contents and ranged from 259 μm in XLPE samples to 107 μm in XLPE/MMT samples
with 3 wt % of MMT. This observation was explained by the MMT barrier effect and by the structure of
the layered-silicate: The layered structure of MMT was argued to change the electric field distribution
and to reduce the pitch of the needle, which slowed down the development of the water trees. The ionic
bonds between (defects in) PE and the layered silicate molecules were held responsible for decreasing
the relaxation of polymer segments, which reduced the dispersion of the water molecules and slowed
down (or even prevented) the formation and growth of water trees [264].

The effect of MgO nanofillers on the water tree retardancy in LDPE and XLPE was characterized
by Nagao et al. [240]. The authors used plate samples without and with MgO nanofillers. Water
trees were produced in a uniform field, in 1 M of aqueous NaCl solution, an AC voltage of 5 kVrms

with a frequency of 400 Hz and temperatures of 313 and 333 K for 46 to 192 h. It was found that the
development of water trees in nanocomposites was slowed down and that this effect increased with
increasing nano-MgO content. At MgO contents of less than 2 wt %, the density and the length of the
trees were lower in MgO/XLPE compared to MgO/LDPE samples.

It can be concluded that the introduction of inorganic nanoparticles into PE results in a slow-down
of the water treeing phenomena. However, there are still aspects unclear regarding the explanation
of retardant effect in PE, as well as the effect of nanoparticles in other polymers used as power cable
insulation (EPR, silicone rubber, etc.).

11. Electrical Breakdown of Nanocomposites

11.1. General Aspects of the Breakdown in Solid Dielectrics

The breakdown of a dielectric occurs at a high concentration of charge carriers such as free
electrons in the conduction band and/or holes in the valence band, particularly in the specimen
transition in a conductive state [133]. Macroscopically, the breakdown involves a sudden increase
in the conduction current passing through an insulator. The minimum value of the electric field
strength, at which the breakdown of the dielectric occurs, is called breakdown strength Ebd and the
minimum voltage applied to the electrodes is called breakdown voltage Ubd. The values of dielectric
breakdown depend on many factors such as chemical nature of the polymer and its physical structure,
the specimen dimensions, the temperature, the frequency, the duration of the applied electric filed,
humidity, type and form of electrode and so forth. Depending on the physical processes that cause the
breakdown of a solid insulating material, breakdown mechanisms are classified as thermal, electronic,
electromechanical, free-volume, by PDs and by treeing (electrical and electrochemical).

Generally, the breakdown strength of the polymer depends on its morphology. In intraspherulitic
regions, Ebd is higher than in interspherulitic regions and a change in the disorder within the spherulites
and/or the interspherulitic region can affect the voltage endurance and, of course, the breakdown
strength [13]. Since the nominal voltages of the power cables are increasing (exceeding 500 kV),
polymer materials with a higher breakdown strength are required for insulation. The incorporation
of inorganic nanofillers into insulation can increase the Ebd of the materials, depending on the filler
concentration, their shape, size and surface modifications with different agents, material homogeneity,
electrical properties of the fillers, sample preparation routes and so forth [267–269].

11.2. Electrical Breakdown in Nanocomposites Based on Polyethylene (PE)

The performance of PE/SiO2 nanocomposites in high electric fields is presented in numerous
papers. A rather detailed experimental study was carried out by CIGRE WG D1.24 [105]. The authors
used plate samples of pure XLPE and XLPE with 5 wt % of fumed nano-SiO2 fillers, either
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unfunctionalized or surface-functionalized by a specific chemical coupling agent [105]. Some of
the samples were heated at 60 ◦C in vacuum for 8 d. Three types of cells were used to perform
the tests, namely with spherical and cylindrical electrode systems for AC breakdown tests and with
needle to plane electrode system for impulse voltage tests. It was observed that (i) the addition
of nanofillers enhanced the AC breakdown strength, (ii) the functionalized nanofillers seemed to
cause only a slight increase of Ebd, (iii) heat treatment seemed to increase the Ebd values, and (iv)
correspondingly, the highest values of Ebd were obtained in samples with surface-functionalized
nanofillers after heat treatment.

A comparative experimental study on the influence of silica micro- and nanoparticles on
breakdown strength and voltage endurance of PE was performed by Roy et al. on plate
samples of XLPE and SiO2/XLPE [13,122,270] (Figure 35). As filler, 5 wt % of nano-SiO2

were used, either untreated or surface-modified with triethoxyvinylsilane (TES), N-(2-aminoethyl)
3-aminopropyl-trimethoxysilane (AEAPS) or hexamethyldisilazane (HMDS). It was shown that (i)
there was a significant increase in breakdown strength for nanofilled composites compared to unfilled
XLPE, (ii) the samples with modified nano-SiO2 had a more significant increase in Ebd compared to the
untreated ones, (iii) the TES nanocomposite samples that were stored at 80 ◦C exhibited the highest
breakdown strength; (iv) the breakdown strength had lower values in micro- than in nanocomposites.
A similar finding was also reported by Reading and Vaughan [271]. In order to explain the increase
of DC breakdown strength and voltage endurance of the nanocomposites compared to the unfilled
and microfilled composites, the authors stated that the large number of small particles acted as
scattering centres and that the nanoparticles altered the crystalline morphology of XLPE (providing
another scattering mechanism). It was suggested that the nanoparticles within the crystalline
phase could disturb the continuity of the path provided to the charge carriers, which increased
the breakdown strength values. Furthermore, the smaller values of Ebd in microcomposites (compared
to nanocomposites) were argued to be due to the higher number of defects in microcomposites [272]. In
order to explain the existence of higher Ebd values in nanocomposites due to surface functionalization
of nanoparticles, Roy argued the emergence of ‘quasi-conductive’ layers [273] in nanocomposites
with untreated particles that locally reduce the electric field and do not appear in composites with
surface-treated nanoparticles. In addition, polar surface treatments (by, for example, AEAPS and
HMDS) have very deep trap sites, which reduce the mobility of charge carriers and increase the
breakdown strength [106]. This explanation also takes into account the increase of the interfacial area
and the reduction of the free volume in nanocomposites [122,270]. In the case of some polymers, the
change in free volume due to the introduction of nanofillers is relatively low and does not excessively
affect the breakdown strength [274].

 

Figure 35. Breakdown strength for different XLPE nanocomposites (KV·mm−1). Redrawn and adapted
from reference [13].
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Pleşa studied the influence types and contents of inorganic nanoparticles on the performance of
plane-shaped LDPE-based nanocomposites in high fields [99]. As inorganic fillers, SiO2, Al2O3 and
TiO2 were used (Figure 36; Table 5). The highest breakdown strength was obtained with LDPE/SiO2

samples that showed comparable breakdown strength of approx. 40 kV·mm−1, which, however, were
lower than those of unfilled LDPE (~ 46 kV·mm−1). In general, the decrease of the breakdown strength
in LDPE nanocomposites with inorganic nanoparticles is quite low, which could be correlated with the
change in the degree of crystallinity in the nanostructured materials.

Figure 36. Values of breakdown strength of nanocomposites based on LDPE. Reprinted, with
permission by the author, from reference [99].

Table 5. Breakdown strength of LDPE nanocomposites. Reprinted, with permission by the author,
from reference [99].

Nanocomposites Sample Thickness (mm) Ubd (kV)
Ebd

(kV·mm−1)
A (%)

Unfilled LDPE 0.51 23.304 45.694 4.42
LDPE/nano-SiO2–2 wt % 0.59 23.565 39.941 2.36

LDPE/nano-Al2O3–2 wt % 0.55 22.439 42.616 4.16
LDPE/nano-SiO2–5 wt % 0.55 21.820 39.673 12.46

LDPE/nano-Al2O3–5 wt % 0.53 21.273 40.138 8.37
LDPE/nano-TiO2–5 wt % 0.54 20.995 38.879 2.37

Lau et al. studied the influence of nano-SiO2 with particle sizes of 10 to 20 nm on the breakdown
strength of blends containing 80 wt % LDPE and 20 wt % HDPE [153,275]. Tests on the AC
and DC breakdown behavior of PE blends upon the addition of different contents of nanofillers
(2, 5 and 10 wt %) and surface modifications (untreated particles and particles surface-treated with
trimethoxy(propyl)silane were performed [275]. The addition of 2 and 10 wt % of untreated nano-SiO2

reduced the DC Ebd from 480 (unfilled polymer) to 278 and to 307 kV·mm−1, respectively. In composites
with surface-treated nano-SiO2, the DC breakdown strength was higher than that of composites with
untreated nanoparticles. For samples with 2, 5 and 10 wt % of treated nano-SiO2, the Ebd values were
58, 55 and 21 kV·mm−1 higher than those with untreated nano-SiO2. In all cases, Ebd of the filled PE
was lower than that of the unfilled analogue [275]. The authors explained the reduction of Ebd by the
accumulation of space, the increase in charge mobility and nanoparticle agglomeration effects [153].
Tests performed in AC showed a slight reduction of Ebd values in samples with a filler content of 5 wt %
of untreated nano-SiO2 and a reduction of over 30 kV·mm−1 for those containing 10 wt % of filler
compared to the unfilled samples [275]. In the case of samples containing surface-treated nano-SiO2,
the AC Ebd values were higher than those of non-filled samples, particularly if the nano-SiO2 content
amounted to 10 wt %. In those samples, the sizes of agglomerates were much smaller, which could be
the reason for the improved AC breakdown strength [275].
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The influence of the matrix structure and the nanofiller content on the breakdown strength of
nanocomposites was described by Sami et al. [144]. For the tests, the authors used plate samples with
a height of 250 μm based on nanocomposites of the composition HDPE/SiO2 and LDPE/SiO2 with 0,
1, 2, 4 and 5 wt % of spherical nanoparticles. The cumulative probability of the electrical failure P was
analysed using the two-parameter Weibull function (Figure 37) [276]. Ebd increased with increasing
nanofiller content, both for LDPE as well as for HDPE nanocomposites. The highest Ebd values were
obtained for HDPE/SiO2 with 4 to 5 wt % of nanoparticles [144]. The dielectric strength growth was
measured in AC on LDPE/SiO2 and XLPE/SiO2 nanocomposites in comparison with the unfilled PE
and was reported in additional publications [277,278].

 
(a) (b) 

Figure 37. Weibull plots of breakdown strength of neat and nanocomposites with varying content
of SiO2 nanoparticles based on (a) LDPE and (b) HDPE. Reprinted, with permission by IEEE, from
reference [144].

The influence of humidity on the breakdown strength of nanocomposites was studied by Hui et al.
on XLPE nanocomposites with unfunctionalized (UN) and vinylsilane-functionalized (VS) SiO2

fillers [123] at loadings of 5 and 12.5 wt % [125]. Multi-recess samples were prepared and exposed to
a humid environment of 100% r.h. and 75% r.h. at 50 ◦C for 14 d. The nanocomposites had a much
higher moisture uptake compared to the crosslinked PE resin [125]. The presence of nanoparticles
caused an increase of the breakdown strength; under humidity and heat, the Ebd values were reduced
for all types of samples. In some tests of the nanocomposites, lower Ebd values were obtained than in
unfilled PE [153,173]. This may be due to the space charge accumulation inside the samples and the
local enhancement of the electric field [153].

The change of breakdown strength in samples based on LDPE filled with MMT and MA
was presented by Gao et al. [145]. It was shown that the introduction of MMT increased the
breakdown strength 1.35 to 1.70 times. The authors explained the increase of Ebd of the nanocomposite
by the increase of polarity (MA) and the decrease of the free volume (MMT). Both processes
intensify the electron scattering and decrease the initiation probability of a breakdown channel.
Using nanocomposites based on LDPE and the MMT cloisite 15A in 5 wt % quantity, Guastavino et al.
noted an increase of the breakdown strength as well [279]. Green et al. investigated samples of a blend
of a high density linear polyethylene HDLPE (10 wt %), a branched low-density polyethylene LDBPE
(90 wt %) and a PE/MMT masterbatch MB, which contained 40 wt % of MMT functionalized with
dimethyldi(hydrogenated tallow) quaternary amine [280]. The introduction of masterbatch MB led
to an increase in dielectric strength from 143 ± 9 MV·m−1 (in the absence of MB) to 171 ± 3 MV·m−1

(in the case of 20 parts MB) [280]. A very important role in manipulating the breakdown strength is the
way how samples were prepared. If the dispersion of MMT nanoparticles into the polymer matrix was
inhomogeneous, the values of the breakdown strength were considerably reduced compared to samples
with very well dispersed nanocomposites [281,282]. Shah et al. studied the influence of the MMT
content on the breakdown strength of nanocomposites based on HDPE [283]. The authors prepared
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samples of HDPE with MMT modified by hexadecyl trimethyl ammonium bromide, untreated or
treated with 3-aminopropyl triethoxy silane and titanium acetylacetonate in quantities of up to 10 wt
%. The results revealed that the breakdown strength of the nanocomposites increased with increasing
clay content of up to 5 wt %. If the concentration exceeded 5 wt %, the breakdown strength slightly
decreased. The Ebd values were also influenced by the type of nanoparticles and amounted to 30
kV·mm−1 for unfilled HDPE, 48 kV·mm−1 for HDPE with unmodified MMT and 54 kV·mm−1

for organoclay nanocomposites [283]. These changes were explained by the fact that exfoliated
and intercalated clay platelets altered the electric field repartition and increased the path length for
the breakdown.

The use of POSS as filler in LDPE yields composites with breakdown strength different from that
of the LDPE matrix. Guo et al. demonstrated that the breakdown strength decreased if octamethyl
POSS was applied in 5 wt % quantity, whilst the use of iso-octyl POSS in the same amount lead to a
decrease of the breakdown strength [284]. The introduction of 0.3 wt % of functionalized graphene
within LDPE improved the Ebd, while the addition of graphene oxide did not provide any significant
change at a content of up to 0.3 wt %.

In a series of papers, the influence of MgO nanofillers on the breakdown strength of PE is
detailed. Reddy et al. [285,286] studied the DC breakdown strength of LDPE nanocomposites with
small amounts of MgO nanoparticles. Maximum thermal voltage MTV calculations, also known
as thermal breakdown voltage, were carried out. The results showed that the values of the MTV
increased with nanofiller contents of up to about 5 wt %, for which Ebd exhibited a maximum and
decreased afterwards. Similar results have been obtained by Tanaka et al. [230], Masuda et al. [97],
Murakami et al. [98] and Murata et al. [178]. Peng et al. used plate samples based on LLDPE and
MgO nanoparticles surface-modified with (3-aminopropyl) triethoxysilane in concentrations of 0.1, 1,
2 and 5 wt % [19]. The results revealed that, at low nanoparticle loading, the LLDPE/MgO interface
produced a large number of shallow traps, which increased the LDPE/MgO interface traps in the
nanocomposites. Thus, the number and energy levels of free charges was reduced, enhancing the
nanocomposites’ breakdown strength. The introduction of 1 wt % of MgO nanoparticles into LLDPE
increased the breakdown strength from 346.8 to 380.2 kV·mm−1 [19].

The introduction of TiO2 into PE also increases the breakdown strength. This effect was
highlighted by Ma et al. [287] who conducted a study on LDPE-based nanocomposites. The presence
of water on the nanoparticle surfaces decreased the Ebd: Samples prepared with dried nanoparticles
exhibited 50% higher values than those filled with as-received TiO2 nanoparticles. Samples filled with
surface-functionalized TiO2 showed an approx. 40% increase of Ebd [287]. The surface modification
was carried out with N-(2-aminoethyl) 3-aminopropyl-trimethoxysilane (AEAPS) as a coupling agent.

An experimental study by Tian et al. on plate samples of LDPE filled with untreated
ZnO nanoparticles with a mean diameter of 50 nm showed that the breakdown strength of the
nanocomposites with a content of less than 1 wt % was higher than those of unfilled PE [177]. If the
content was higher than 1 wt %, the Ebd values were lower than in unfilled LDPE [177].

From the studies described above, it can be concluded that nanoparticles can influence the
breakdown strength of nanocomposites by different mechanisms such as (i) serving as heterogeneous
nucleation agents (that accelerate the formation of crystalline areas and prohibit the formation of large
spherulites), (ii) becoming scattering sources for electrons, (iii) decreasing the mobility of electrons
by forming a large amounts of charge traps, (iv) hindering the polymer from the erosion of partial
discharge, (v) inducing large void defects as well as distorting the local electric field (due of the large
permittivity of nanoparticles), (vi) forming conductivity pathways and (vii) increasing the tunnelling
current between nanoparticles.

As was mentioned above, the introduction of inorganic nanofillers into PE leads to the
improvement of its electrical properties. On the other hand, some nanoparticles such as SiO2,
ZnO and MgO cause an increase in the aging resistance (respectively, an increase in lifetime) of
the nanocomposites compared to unfilled polyethylene [288,289].
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12. Conclusions and Outlook

Due to the internationally increasing demands for energy power supply, the development of
technologies for long-distance transmission of energy power in direct current has been in the focus of
R&D activities, which have addressed research in the area of higher-level voltage cables. Due to high
DC voltages in close vicinity to the PE insulations of cables, however, space charges are accumulated,
which alter the distribution of the electric field and produce local intensifications that accelerate
the degradation processes of the insulations. A solution to counterbalance the occurrence of such
phenomena is the introduction of PE-based nanocomposites as insulations of power cables; thermoplast
polymer nanocomposites are a promising class of dielectrics as the addition of nanoparticles leads to
the improvement of the polymers’ basic properties:

• While the introduction of microsized inorganic particles rarely results in an improvement of the
electrical properties of composites, the reduction of the particle sizes to the order of nanometres
results in improvements of the thermal, mechanical and electrical properties. This is very often
due to the interface chemistry and interfacial strength, which increase exponentially in comparison
to composites containing microsized particles.

• For the manufacturing of power cables, commonly insulating fillers such as layered silicates,
montmorillonite clays, Al2O3, TiO2 and SiO2 are used; in the case of conducting fillers,
graphite platelets and carbon nanotubes are among the most commonly used congeners.
Such conducting fillers can improve the mechanical properties of nanocomposites (required
in mechanical applications) and electrical conductivity (required for electromagnetic shielding
and semiconductor layers of cables). With respect to insulating fillers, layered silicates or clays
are in the range of a few nm in thickness and in the range of 100 nm in the other two dimensions,
while the sizes of nanoparticles such as SiO2, TiO2 and Al2O3 are in the range of 30-40 nm.

• The introduction of low contents of nanofillers can increase the resistance to partial discharges
(superficial and in the volume of the material), the resistance to electrical trees and water trees,
the volume resistivity and the dielectric strength. The comparison of unfilled with nanofilled
materials revealed that space charge accumulation phenomena were considerably affected by the
presence of nanofillers.

• In the case of nanocomposites, the permittivity is often reduced, and, at low frequencies, it is
found to be a ‘quasi-DC’ feature (large negative slopes in both the real permittivity and tan delta).
By using compatibilizers, an increase of the permittivity can be obtained for certain values of the
frequency. Depending on the type of compatibilizer, the nanocomposites lifetime can be increased
over two orders of magnitude compared to the unfilled polymer.

Although PE-based nanocomposites offer many advantages for usage as insulators in power
cables, some issues and short-comings remain to be solved, namely:

• the homogeneous dispersion of the nanoparticles and the characterization of the dispersion phase,
• the online control of the technological processes during commercial manufacturing

of nanodielectrics,
• the detailed understanding of the interactions at the interfaces, the charge dynamics and the

electrical breakdown behavior of such systems,
• studies of ageing and degradation mechanisms of nanodielectrics (required for their use as cable

insulations in submarine applications, superconducting cables, etc.), and
• the detailed understanding of interactions at molecular/atomic level (e.g., the DC current

decreases if certain types of nanofillers are added to PI and increases, on the other hand, if
layered silicates are dispersed in EVA and PP).

The use of PE-based nanocomposites in industrial applications is also related to the volume
of information regarding their behavior under the stress factors of operation. For example,
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little knowledge exists regarding the long-term toxicity of nanocomposites and the lifetimes of
nanodielectrics. The surface treatment of the nanoscaled fillers is required in order to improve
their compatibility with the polymer matrix: The filling grade, particle type, particle size and size
distribution, aspect ratio and surface modification jointly alter the properties of the nanocomposites.
In summary, the dielectric properties of PE-based nanocomposites show considerable improvements
in comparison to unfilled polymers but on-going R&D activities must contribute to the detailed
understanding of these phenomena. In order to use PE based nanocomposites for power cables
insulation, the following strategies should be considered in the future:

• the mechanisms of doping nanoparticles for improving the characteristics and properties of
insulation materials,

• the variations of the electrical conductivity and space charge under the combined action of heat
and electrical field,

• the behavior of nanodielectrics to long-term applications in operation (i.e., lifetime estimation to
multiple demands),

• the manufacture of recyclable materials for insulation.
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Abbreviations

AC alternating current
CB carbon black
DC direct current
ε* relative complex dielectric permittivity
ε′/ε” real/imaginary part of the complex relative permittivity
EHVC extra high voltage cables
EPDM ethylene-propylene-diene-monomer rubber
EPR/EPM ethylene-propylene rubber
EVA ethylene-vinyl-acetate
HDPE high-density polyethylene
HV high-voltage
HVAC high-voltage alternating current
HVDC high-voltage direct current
IEC International Electrotechnical Commission
i-PP isotactic polypropylene
LDPE low-density polyethylene
LIPP laser-induced pressure propagation method
LLDPE linear low-density polyethylene
LV low-voltage
MA maleic anhydride
MMT montmorillonite
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MV medium-voltage
PD partial discharge
PE polyethylene
PEA pulsed electro-acoustic method
PI polyimide
POSS polyhedral oligomeric silsesquioxane
PP polypropylene
tanδ dissipation factor
TSM thermal step method
XLPE crosslinked polyethylene
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Abstract: The effect of the polymer chain topology structure on the adsorption behavior in the
polymer-nanoparticle (NP) interface is investigated by employing coarse-grained molecular dynamics
simulations in various polymer-NP interaction and chain stiffness. At a weak polymer-NP interaction,
ring chain with a closed topology structure has a slight priority to occupy the interfacial region than
linear chain. At a strong polymer-NP interaction, the “middle” adsorption mechanism dominates the
polymer local packing in the interface. As the increase of chain stiffness, an interesting transition from
ring to linear chain preferential adsorption behavior occurs. The semiflexible linear chain squeezes
ring chain out of the interfacial region by forming a helical structure and wrapping tightly the surface
of NP. In particular, this selective adsorption behavior becomes more dramatic for the case of rigid-like
chain, in which 3D tangent conformation of linear chain is absolutely prior to the 2D plane orbital
structure of ring chain. The local packing and competitive adsorption behavior of bidisperse matrix
in polymer-NP interface can be explained based on the adsorption mechanism of monodisperse
(pure ring or linear) case. These investigations may provide some insights into polymer-NP interfacial
adsorption behavior and guide the design of high-performance nanocomposites.

Keywords: chain topology; selective adsorption; polymer-NP interface

1. Introduction

Polymer nanocomposites that consist of mixtures of polymers and organic/inorganic particles
are a new member of composite materials, which have been used in a wide variety fields [1].
The macroscopic properties (such as mechanic, electronic, optical, and so forth) of nanocomposites
not only depend on the microscopic morphology of constituent nanoparticle (NP) in the polymer
matrix [2–6], but also are sensitive to the polymer conformation, especially the local packing at
polymer-NP interface. For example, carbon black particles are immersed to increase the strength,
viscosity, and durability of rubbers [7,8], and fullerenes are used to enhance the efficiency of
polymer-based photovoltaic devices [9].

Nevertheless, it has been proven that the adding of particles into polymeric materials frequently
results in agglomeration and phase separation, a uniform dispersion of NPs in polymer matrix is hard
to get, owing to the strong interparticle interactions and weak polymer-NP interfacial interaction.
Many experimental [10,11], theoretical [12,13], and simulation [14–17] studies have been devoted to
investigating this issue. Hooper et al. theoretically pointed out that there are four general categories
of polymer-mediated NP organization: contact aggregation due to depletion attraction, segment
level tight particle bridging, steric stabilization due to thermodynamically stable “bound polymer
layers”, and “tele-bridging” where distinct adsorbed layers coexist with longer range bridging [12].
Mackay et al. experimentally demonstrated that thermodynamically stable dispersion of NPs into
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a polymeric liquid is enhanced when the radius of gyration of the linear polymer is greater than
the NP radius [10]. Liu et al. emphasized that a homogeneous filler dispersion exists just at the
intermediate interfacial interaction by computer simulations [14]. In a subsequent study by Singh et
al., they analyzed the transitions between different structures in the polymer-NP system caused by the
polymer-NP interaction strength and polymer chain length, respectively [15].

On the other hand, some researchers have paid their attention to the polymer conformation
behavior in nanocomposites, such as the dimension [11,16,18–20]. However, up to date, there is also
controversy as to whether the addition of NPs to a polymer melt causes polymer chains either to
expand, shrink or be unperturbed compared to their size in the bulk. For instance, Mackay et al.
found that when the radius of gyration of the polymer is larger than the chemically identical NP
radius, a 10–20% expansion in deuterated polystyrene (d-PS) chain dimensions occurs by neutron
scattering [11]. However, Crawford et al. ensured a spatially uniform dispersion of 13 nm silica
NPs miscible in polystyrene melts by neutron scattering, X-ray scattering, and transmission electron
microscopy. They found that the polymer size in nanocomposites remains unaltered regardless of the
relative size between components and NP loading [16]. From a simulation point of view, Clarke et al.
demonstrated that the polymer chains are unperturbed by the presence of repulsive NPs, while it
can be stretched and flattened by the attractive NPs with very small size [20]. Yan et al. reviewed
the recent progress on the structure, dynamics, and physical properties of PNCs [21]. Besides the
investigation on the NP dispersion and polymer conformation, some attentions are also drawn to
understanding the local packing [14,22–25] and dynamics [26–29] of polymer matrix at the polymer-NP
interface. Chen et al. [22] experimentally observed double glass transition and interfacial immobilized
layer in in-Situ-Synthesized PVA/Silica Nanocomposites, and pointed out the interfacial layer is
mainly composed of partial segments of different polymer chains, which is further verified by the
molecular dynamics simulation of Liu et al. [14]. Vacatello et al. used Monte Carlo (MC) simulations
to obtain a general picture of the molecular arrangements in polymer-based nanocomposites, in which
the chains are classified as the sequences of interface, bridge and loop segments [24]. Ge et al. [26]
investigated the role of polymer topology in the dynamical coupling between NPs and polymers in
nanocomposites. Kumar et al. [27] studied the diffusion of nanoparticle in polymer nanocomposites
and provided an excellent understanding on the motion of NPs, which the size is smaller than the
polymer entanglement mesh size. Besides, Ying et al. [28,29] used molecular dynamics simulation to
study the effect of nanoparticle volume fraction on the dynamics of polymer and offered an explanation
for understanding the rheological properties of polymer composites.

Obviously, polymer chains around NP exhibit dramatically different interfacial behavior in
comparison with the bulk phase. Several groups [30–32] paid their attention on the adsorption
mechanism of polymers on flat surfaces. For instance, Cohen-Stuart et al. [30] performed MC
simulations for studying the competition between surface adsorption and folding of fibril-forming
polypeptides, and their results suggest that a weakly attractive surface can enhance the folding.
Sommer et al. [31] used computer simulations on the adsorption of branched and dendritic polymers
onto flat surfaces, there is a two-step adsorption scenario on temperature dependence related with
strong excluded volume effects.

Nevertheless, there is no general experimental, theoretical, and simulation consensus about
the accurate characterization and interpretation of the interfacial region, especially considering the
adsorption mechanism of polymer chains with polydispersity close to the surface of NP. We have
involved this issue by exploring the interfacial adsorption mechanism by varying the polymer-NP
interaction, which may be the main factor in determining the interfacial behavior. Our study further
confirmed that one of chain ends prefers to be in contact with NP and shows a perpendicular
conformation to the NP surface when the polymer-NP interactions are weak (i.e., endpoint adsorption);
while the inner chain monomers wrap NP tightly when the attractive interactions are strong (i.e., middle
adsorption) [25]. In order to further characterize the adsorption mechanism and local packing of
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bidisperse matrix with different topologies in the polymer-NP interfacial region, we focus on the
mixtures of ring and linear polymer chain in nanocomposites.

2. Model and Methods

In our simulation, a standard bead-spring model is used to model polymer chain. Each ring or
linear polymer chain consists of n spherical monomers with diameter of σ and mass of m, which are
interconnected by the finitely extendable nonlinear elastic (FENE) potential [33]:

UFENE(r) = −KR2
0

2
ln

[
1 −

(
r

R0

)2
]

, r < R0 (1)

where r is the distance between the two neighboring monomers. K = 30ε/σ2 is a spring constant and
R0 = 1.5σ is a finite extensibility to avoid chain crossing, where σ is the monomer diameter. The stiffness
of a polymer chain is described by a bending potential between adjacent bonds:

Ubending = kb(1 + cos θ) (2)

where θ is the angle between two consecutive bonds and the chain stiffness is controlled by varying
the value of kb. NP is modeled as a Lennard-Jones (LJ) sphere of radius Rn = 2.5σ. Mass density of
NPs are the same as the polymers, therefore the mass of NP is 125 times of that of a monomer.

Here a truncated and shifted Lennard-Jones (LJ) potential is used to model NP-NP and
polymer-NP interactions as well as the nonbonded interactions between all polymer monomers,
as follows [34]:

U(r) =

⎧⎨
⎩ 4ε

[(
σ

r−rEV

)12 −
(

σ
r−rEV

)6
+ 1

4

]
r − rEV < rcutoff

0 r − rEV ≥ rcutoff

(3)

where ε is the LJ potential interaction energy and rcutoff stands for the distance (r − rEV) at which the
interaction is truncated and shifted so that the energy and force are zero. In our simulation, we offset
the interaction range by rEV to account for the excluded volume effects of different interaction sites.
For NP-NP and polymer-NP interactions, rEV equals to 2Rn − σ and Rn − σ/2, respectively, while for
polymer-polymer interactions, rEV is zero. Here εnn = εpp = 1.0 and rcutoff = 21/6σ in both NP-NP
and polymer-polymer interactions with repulsive only part of Equation (3). Meantime, εnp is varied to
simulate different interfacial interactions with an attractive nature of rcutoff = 2.5σ. Here we set ε and
σ to be unity for dimensionless simulation.

Our molecular dynamics simulations are performed in a NVT ensemble. The simulation box
is set as 35σ× 35σ× 35σ, where periodic boundary conditions are employed in all three directions.
NPs with a fixed number of M = 5 are embedded at a random position and allowed to move. Here the
polymer bulk density is set as ρ∗ = 0.8 and each polymer chain consists of n = 30 monomers. 570 ring
chains with n = 30 and 570 linear chains with n = 30 are mixed in bidisperse case, while 1140 pure
ring or linear chains with n = 30 are selected in monodisperse case. Additionally, the velocity-verlet
algorithm is used to integrate the equation of motions with time step Δt = 0.01τ, where the unit of
time τ =

√
ε/mσ2 and m is the mass unit of a monomer. The desired temperature is set to T = 1.0 by

using a Langevin thermostat. Rapid annealing from the initial temperature T = 9 to T = 5 is initially
employed, followed by a slow anneal-temper process between T = 5 and the desired temperature is
performed, to prevent the simulations from trapping into a local minimum energy at a low temperature.
All simulations were performed by the open source LAMMPS molecular dynamics package [35].

3. Results and Discussion

To characterize the local packing and competitive adsorption mechanism of bidisperse matrix in
the polymer-NP interfacial region, the nanocomposites with the mixture of ring and linear polymer
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chain are considered. We change the interaction strength, εnp, from 0.1 to 10.0, representing weak
to strong polymer-NP attraction, and the chain stiffness, kb, from 0 to 50, which corresponds to the
flexible, semiflexible, and rigid-like chain, respectively. Then the monodisperse case (pure ring or
linear chain) is also analyzed to interpret the intrinsic reason for the competitive adsorption occurred
in bidisperse case.

Before the discussion, we first examine the local structure of polymer close to the surface of NP in
nanocomposites and define the polymer-NP interfacial region. Take pure linear chain for example,
as shown in Figure 1, the polymer-NP pair distribution function gnp(r) for various attraction εnp

exhibits an evident layering behavior. The obviously high monomer density in “Layer1” (shown
in Figure 1) establishes a well defined interface between the polymer and NP, therefore we take
the “Layer1” as the polymer-NP interfacial region in the following study. Meanwhile, we present
the whole chain in the snapshots of nanocomposites by only one or more monomers per chain
located within Layer1. Figure 1 also shows that the polymer density around NP increases with
increasing εnp from weak to strong attraction, which is consistent with the studies by Gao et al. [14]
and Karatrantos et al. [20].

 ε
ε
 ε
 ε
ε

  ε

Figure 1. Polymer-nanoparticle (NP) pair distribution function gnp(r) in nanocomposites for various
attractive interactions εnp.

Then we focus on the bidisperse matrix of the mixture of ring and linear polymer chain with the
same amount of monomer. Figure 2 represents an overview of the selective adsorption states that
arise upon varying the two main variables, the polymer-NP interaction εnp and chain stiffness kb.
Here “ring chain in majority” in phase diagram indicates that the number of ring chain monomers in
polymer-NP interface is more than that of linear chain, while “linear chain in majority” is opposite.
The solid line in Figure 2 is used to divided the above two adsorption states. In the case of weak and
intermediate attractive interactions εnp such as from 0.1 to 2.0, ring chain always takes precedence
over the linear chain regardless of chain stiffness kb. For the strong attractive interactions, εnp > 2.0
there is a preferential transition from ‘ring chain in majority’ to ‘linear chain in majority’ as the chain
stiffness kb increases. From figure, we also can see that the transition point decreases with the increase
of kb. This finding may be related to the different local packing of ring and linear semiflexible chain,
which will be discussed detailly in the follow.
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ε

kb

Figure 2. The phase diagram of ring and linear chains adsorbed to polymer-NP interfacial region as a
function of polymer-NP interaction εnp and chain stiffness kb.

To further quantitatively understand the preferential adsorption behavior between ring chains
and linear chains in interfacial region, the fractions of ring chain to all monomers in polymer-NP
interface f for various interactions are calculated shown in Figure 3. As εnp = 1.0 or 2.0, the value of f
is in the range of 0.5 to 0.7, indicating that the ring chain slightly preferentially occupy the interfacial
region. As f approximately equals to 0.5, means that the interfacial region shows no selection for
ring or linear chains. At the strong polymer-NP interaction, εnp = 10.0, f > 0.5 as 0 < kb ≤ 6,
indicating that the ring chain preferentially occupy the interfacial region. Interestingly, the value of
f shifts down to be less than 0.5 as kb increases from 8 to 50. This result suggests the ring chains in
interfacial region are quickly replaced by linear chains, as the chain becomes stiffer. The minimum
value of f is even close to zero as kb ≈ 50, showing an absolute priority for linear chains to occupy the
polymer-NP interface.

kb

ε
 ε
ε

Figure 3. The fraction of ring chain to all chain in polymer-NP interfacial region, as a function of chain
stiffness kb for three attractive interactions.
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Meanwhile the polymer-NP pair distribution function gnp(r) and its representative snapshots for
bidisperse matrix are shown in Figures 4 and 5, respectively. At the weak polymer-NP interactions
εnp = 1.0 for kb = 0, 10, and 50, snapshots in Figure 4b display that the interfacial layer is composed
of partial segments of ring and linear polymer chains. Ring chains preferentially wet the interfacial
layer more than linear chains, in which the peak in gnp(r) for ring chain is slightly higher than the
peak for linear chain shown in Figure 4a. Similar behavior appears in nanocomposites regardless of
the chain stiffness varied from flexible (kb = 0) to semiflexible (kb = 10) and to rigid-like (kb = 50) chain.
Some related studies have pointed out that at a weak polymer-NP interaction, polymer chains prefer
to performing a “one-endpoint” adsorption behavior, which shows a perpendicular conformation to
the NP surface [14,25]. As a result, it can be referred that for weak polymer-NP interaction, ring chains
show a higher correlation with NP due to its closed topology structure, and there is no evident chain
stiffness dependence.

 kb

 

 kb

 

 kb

(a) 

 
(b) 

Figure 4. (a) Polymer-NP pair distribution function gnp(r); (b) snapshots of the conformations of
nanocomposites with εnp = 1.0. Here ring and linear polymer chain are displayed in yellow and
green, respectively.

For the strong polymer-NP interactions εnp = 10.0, our previous study also has given the
results that the inner monomers of chains prefer to wrap tightly the surface of NP, which performs a
“middle” adsorption behavior [25,36]. Figure 5 shows a ring-to-linear selective adsorption transition
with increasing chain stiffness. As kb = 0, i.e., flexible chain, this “middle” adsorption mechanism
that the middle monomers of polymer chain tend to cover the surface of NP, drives the ring chains
still in majority in comparison with linear chain, due to its closed topology structure. As kb = 10,
i.e., semiflexible chain, the middle image in Figure 5b shows that the linear chains favorably wrap
around NPs and predominantly crowd the ring chains out of the interfacial region. On the one
hand, this phenomenon can be attributed to the fact that the linear semiflexible chains with a proper
stiffness are inclined to form a chiral helical structure [37], which is commonly observed in biological
environments. For instance, the negatively charged stiff polymer (DNA) wraps around a cationic core
particle (protein), in which the packing manner is referred to as a nucleosome-like structure [38–40].
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(b) 

Figure 5. (a) Polymer-NP pair distribution function gnp(r); (b) snapshots of the conformations of
nanocomposites with εnp = 10.0.

On the other hand, for the ring chain, the entropy gain due to the possible number of states of
the chain near to the surface dominates the bending energy cost. As a result, the semiflexible linear
chain tends to occupy primarily the interfacial region. With increasing kb = 50, i.e., rigid-like chain,
the preferential adsorption behavior by linear chains becomes more pronounced shown in the curve
of gnp(r). The spiral linear chain begins to untie and tangentially cover the NP surface with the
middle parts of the chain, and little interfacial region is left for the rigid ring, which corresponds to the
adsorption state of f ≈ 0 mentioned in Figure 3.

To interpret the intrinsic reason for the competitive adsorption transition occurred in bidisperse
case, we focus on the monodisperse matrix of pure ring or linear chain. At the strong polymer-NP
interaction, chain stiffness kb is also increased from 0 to 50. The different polymer conformations for
pure linear and ring chain are presented in the snapshots of Figure 6a,b, respectively. For pure linear
chain, we can obtain a general picture of local packing of linear chain in polymer-based nanocomposites,
in which the linear chain is classified as the sequences of bridge adsorption, chiral helical adsorption,
and tangent adsorption. In contrast, the ring chain shows a sequence of conformations of double
bridges adsorption, coexistence of double bridges and orbital adsorption, and only orbital adsorption.
In fact, this finding provides a direct support for understanding the competitive adsorption transition
occurred in bidisperse case.

The schematic diagram shown in Figure 7 offers a clear view for the local packing of monodisperse
and bidisperse polymer matrix at the polymer-NP interface. As known by above, the “middle”
adsorption mechanism dominates the polymer local packing in the interface under the strong
polymer-NP interactions. Let us focus on the cartoons of Figure 7c. As the chain stiffness is weak, i.e.,
flexible chain, double bridge conformation of ring chain is superior to the single bridge packing of
linear chain, illustrating “ring chain in majority” appeared in phase diagram of Figure 2. With the
increase of chain stiffness, i.e., semiflexible chain, the helical structure of linear chain is benefit for
wrapping the whole surface of NP, and crowding ring chain out of interface region. This finding can
reveal the preferential transition from “ring chain in majority” to “linear chain in majority” occurred
in phase diagram of Figure 2. Finally, as rigid-like chain, 3D tangent conformation of linear chain
is absolute precedence over the 2D orbital plane structure of rigid-like ring, exactly explaining the
absolute dominant adsorption state of f ≈ 0 shown in Figure 3. Our work may provide a theoretical
guidance for understanding the forming mechanisms of the conformations differences between linear
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chain and ring chain. Rcently, Iwamoto et al. investigated the conformations of ring plystyrenes by
SANS and concluded Flory’s exponent ν in Rg = Nν for rings may not be constant but rather show
molecular weight dependence due to their topological constraint [41].

(a) 

 
(b) 

Figure 6. Snapshots of the conformations of nanocomposites at a strong attraction, εnp = 10.0 with
kb = 0, 10, and 50: (a) pure linear chain; (b) pure ring chain.

Figure 7. Schematic diagram of nanocomposites conformation at a strong attraction: (a) linear chain,
(b) ring chain, (c) mixture of linear chain and ring chain.
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4. Conclusions

In conclusion, we investigated the local packing and competitive adsorption behavior of bidisperse
matrix with ring and linear polymer chain using coarse-grained molecular dynamics simulations.
It is found that for the weak polymer-NP interaction, ring chain are slightly preferred to occupy the
interfacial region than linear chain, due to its closed topology structure and regardless of chain stiffness.
While for the strong polymer-NP interaction, the “middle” adsorption mechanism dominates the
polymer local packing in the interface, and the selective adsorption behavior of bidisperse matrix
is sensitive to the chain stiffness. For flexible polymer chain, double bridge conformation of ring
chain is superior to the single bridge packing from linear chain, resulting in “ring chain in majority”.
As increasing chain stiffness, a ring-to-linear selective adsorption transition occurs. The semiflexible
linear chain squeezes ring chain out of the interfacial region by forming a helical structure and
wrapping tightly the surface of NP, while semiflexible ring chains still have the configurations of double
bridge or 2D plane orbit. Further increasing stiffness to rigid-like chain, “linear chain in majority”
selective adsorption behavior becomes more dramatic, in which 3D tangent conformation of linear
chain is absolutely prior to the 2D plane orbital structure of ring chain. In addition, the monodisperse of
pure ring or linear chain is also considered to explain the ring-to-linear selective adsorption transition
with increasing chain stiffness. Besides, other topology structure e.g., star-like or dendritic chain will
be the next step toward this issue that the effect of topology structure on adsorption behavior occurred
at the polymer–NP interface.
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Abstract: Hydrogels are materials used in a variety of applications, ranging from tissue engineering to
drug delivery. The incorporation of nanoparticles to yield composite hydrogels has gained substantial
momentum over the years since these afford tailor-making and extend material mechanical properties
far beyond those achievable through molecular design of the network component. Here, we review
different procedures that have been used to integrate nanoparticles into hydrogels; the types of
interactions acting between polymers and nanoparticles; and how these underpin the improved
mechanical and optical properties of the gels, including the self-healing ability of these composite
gels, as well as serving as the basis for future development. In a less explored approach, hydrogels
have been used as dispersants of nanomaterials, allowing a larger exposure of the surface of the
nanomaterial and thus a better performance in catalytic and sensor applications. Furthermore, the
reporting capacity of integrated nanoparticles in hydrogels to assess hydrogel properties, such as
equilibrium swelling and elasticity, is highlighted.

Keywords: hybrid hydrogels; nanoparticles; nanosheets; clays; polymers; adhesion

1. Introduction

Hydrogels are three-dimensional cross-linked polymer networks that absorb a large amount
of water when placed in aqueous solution [1]. Hydrogels are thus soft and wet materials with
characteristic features of both solids, in terms of well-defined shapes, and liquids, in the large amount
of free water and potentially soluble molecules that can diffuse in and out of the gels. Based on
the possibility to tune the properties of hydrogels over a wide parameter space and the fact that
a broad range of polymer constituents are available, these soft materials have been developed for
applications such as super-absorbent polymers, contact lenses, tissue engineering, biotechnological
devices, and drug delivery systems [2–11]. Biomedical applications have been particularly powered by
the possibility of synthesizing polymer networks with swelling/deswelling properties sensitive to
stimuli such as temperature, pH, light, or specific biomarkers.

Large efforts have been dedicated to improving the mechanical properties beyond those of one
component hydrogel networks. One such strategy is (i) the synthesis of topological gels where
the network strands are interlocked by topological restrictions as realized by a slide-ring (e.g.,
figure-of-eight cross-links) maintaining proximity of the network strands [12–15]. These slide-ring,
topological hydrogels are distinct from chemical gels cross-linked by covalent bonds between polymer
chains, or physical gels where the network is established by intermolecular interactions, such as
Coulomb forces or hydrophobic interactions. Other strategies comprise (ii) the development of
double-network hydrogels [16] and (iii) the addition of clays and nanoparticles (NPs) to polymer
solutions that act (at least partially) as cross-linkers [17]. The latter strategy, in particular, allows the
formation of composite gels that are mechanically stronger due to the integration of entities supporting
dissipative mechanisms [18], but also shows self-healing properties [19].
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The incorporation of NPs into hydrogels has also been explored for purposes other than
tailor-making and improving the mechanical and optical properties of hydrogels. For example,
hydrogel particles can be made magnetic by the incorporation of magnetic NPs, thus facilitating
separation and recycling processes [20]; stimuli-sensitive hydrogels loaded with enzymes or NPs
containing drugs have been developed for drug delivery applications [21]; and NPs can also be
included in hydrogels for studying their swelling properties [22,23].

In this work, we briefly review different synthesis pathways that have been employed to
prepare NP-hydrogel networks, and outline the impact of NPs in improving various properties
of the nanocomposites as compared to conventional materials. Furthermore, we present applications
that are unique to nanocomposites. As a basic reference framework for the discussion, we summarize
the free energy of hydrogels, including the relevant molecular parameters. Thus, the free energy of
a hydrogel ΔFgel is conventionally described in three additive contributions, reflecting deformation,
ΔFel; mixing of the polymer with the solvent, ΔFmix; and a term arising from the charged nature of
polymers affecting the ionic balance between the hydrogel and the immersing solution. In a simple
form, these terms are given as:

ΔFel + ΔFmix + ΔFion =
υkBT

2

(
λ2

1 + λ2
2 + λ2

3 − 3
)
+

kBT
vs

(vsc ln ϕ2 + χϕ2) + ΔFion (1)

where υ is the molar number of elastic active polymer chains in the gel; kB is the Boltzmann constant;
T is the absolute temperature; λI , with I = 1, 2, and 3, represents the deformation ratio in the three
orthogonal axis directions; vs is the volume per solvent molecule; c is the nominal solvent concentration
(number of solvent molecules per unit volume of the polymer); ϕ2 is the volume fraction of the polymer
phase; and χ is the Flory-Huggins interaction parameter. There are also extensions of this expression
which include a more detailed account of reference states, as detailed in Ref. [24]. Equation (1) provides
a basis for linking the understanding of mechanical properties (e.g., deformation at a constant swelling
volume), such as shear modulus G defined from the proportionality between the shear stress t and
shear γ:

dΔFel
dγ

= Gγ; where γ = λ1 − λ−1
1 (2)

Calculating G from Equation (1) yields G = υkBT, thus providing a direct interpretation of
how changes in υ, as can be experienced in NP–hydrogel networks, affect the mechanical properties.
Equation (1) also provides the basis for the interpretation of how molecular parameters affect the
swelling equilibrium of hydrogel (e.g., minimum free energy as adjusted through changes in ϕ2 and
stretching of the network chains). Conventionally, the swelling pressure is used for the description
of free hydrogel swelling equilibrium, where the last term gives rise to the osmotic pressure term
representing the Donnan equilibrium. This term has also been elaborated to include molecular
parameters of the network and the valence of the electrolytes, as described in Ref. [25]. A recent review
by Creton [18] gives an overview of different networks and gels and their properties, as well as recent
advances in fine tuning the behavior of these networks.

2. Design of Nanoparticle–Hydrogel Composites

NP-hydrogel composites can be roughly divided into two classes, depending on the dimensions
of the system.

2.1. Nano- and Micro-Gel Composites

The first class refers to systems composed of one or a few NPs, where typically, a (small) hydrogel
serves as a coat to the NP, giving a core-shell type of structure (Figure 1). Such systems have a large
application potential. Nanogels can be prepared from proteins (e.g., collagen and fibrin) and other
naturally-derived polymers, such as DNA, chitosan, hyaluronic acid (HA), and alginate [26,27], and
have a large loading capacity for cargo ranging from inorganic NPs to biomacromolecules, such as
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enzymes and nucleic acids, as well as hydrophobic drugs, which makes them desirable for drug
delivery applications [28–31]. As depicted in Figure 1, the soft polymer coat that surrounds the NP
(cargo) makes these systems less likely to aggregate, due to the steric repulsions between particles,
and provides protection to the encapsulated biological molecules from degradation and elimination,
assuring a longer circulation time of active biological content [29,32]. Nanogels prepared from stimuli
responsive polymers can be used for controlled delivery of the cargo, by exploring their swelling
properties [1]. For example, the pH-triggered swelling of nanogels has been suggested to improve the
uptake of nuclear acting drugs (chemotherapy) via the endocytic pathway due to the swelling of the
nanogels in the acidic lysosomal compartments and consequent release of the drugs. These ultimately
diffuse into the cell nucleus, which was not observed to occur using nanogels that do not possess
the pH-sensitive moiety [33]. In a different and elegant design, the triggered release of the cargo was
achieved by using gels with bonds that are either easily hydrolysable or cleaved by ubiquitous enzymes
like esterases, or by enzymes that are over-expressed in the target cells [34]. Temperature, light, and
magnetic-responsive nanogel composites have been explored for applications within drug delivery,
as soft robots, sensors, and vehicles for capture and delivery [35]. Magnetic-responsive nanogel
composites in particular are also popular in imaging and diagnostics, as reviewed in [36]. Systems
composed of small dimension gels surrounding an NP core can also be used as an intermediate step in
the formation of hydrogel shells with liquid cores, achieved by the dissolution of the NP core [37].

Figure 1. Nanoparticle—nanogel complexes depicting steric repulsions between the adsorbed polymers
chains, and possible functionalization of the polymers in the nanogels. Snapshots were adapted from
Nicholas Christiansen’s master thesis, August 2018, NTNU.

The approaches reported so far within this class of materials are valuable, but at the same time
mostly of an empirical character that can be exploited as a qualitative basis for design guidelines.
Further progress to a priori support the design of NP-loaded hydrogels with a predetermined
drug loading capacity (given e.g., basic information on hydrophilic/hydrophobic nature), and, e.g.,
tailor-made circulation time, is currently awaiting.

2.2. Macroscopic Hydrogel Composites

The second class of NP–hydrogel composites gathers larger hydrogel entities, e.g., μm–cm
dimensions, where NPs are incorporated at various concentrations, depending on the particular
enhancement of functionality or application. Similar to the micro-/nanogel class, the macroscopic
hydrogel composites can be classified according to the dominating type of interaction of the NP with
the network chains, e.g., covalent or non-covalent, as well as their combination with polymer networks
being either chemical, physical, or topological.

Independently of the class, the incorporation of NPs in hydrogels can be achieved by applying
different routes. NPs can be added to: (a) pre-formed hydrogels; (b) polymers solutions that are
subsequently gelled, either using the NPs as cross-linkers or independently of their presence; or (c)
monomer solutions prior to co-cross-linking polymerization, in the presence of the NPs. It is also
possible to grow the NPs from precursors that are incorporated in the polymer network using strategies
(a) and (b) (Figure 2).
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Figure 2. Approaches used for preparing nanoparticle—hydrogel composites: (a) NP addition to
pre-formed hydrogels; (b) NP addition to polymer solutions and (c) Monomer polymerization in the
presence of NPs. See text for details.

2.3. Nanoparticle Addition to Pre-Formed Hydrogels

NP addition to pre-formed gels can be further divided into the synthesis of NPs using the
polymer networks as scaffolds (in situ conversion) and the addition of pre-formed NPs to hydrogels
(Figure 2a). The former has been particularly popular for the synthesis of metal NP-doped microgels
for applications such as catalysts [38], biosensors [39], engineering optical devices materials and
device architectures [40], the development of antimicrobial materials [41], and other biomedical
applications [42]. The microgel structure can, in principle, be used for growing an NP in each of
the polymer voids (whose size can thus be controlled by the cross-linking density). Components
other than the NPs can also be loaded in the gels (such as drugs or small proteins), in which case
the NPs can be used, e.g., to control drug burst release [43]. In addition, the composition of the
polymer network can be explored so that the microgel is responsive to stimuli like temperature, light,
or pH [44]. The methodology was first described by Antonietti and co-authors, where gold and iron
oxide colloids with “non-classical shapes” were synthesized within polystyrene sulfonate microgels.
Three typical morphologies were obtained, depending on the reduction rate and reducing agent: small
and spherical colloids, long threads, and “nanonuggets” (algae-like). The shape of the NPs could
be further controlled by the cross-linking density of the gels, where a larger cross-linking density
resulted in thinner structures and more spherical colloids. These systems are based on the electrostatic
attractions between the metal ions and the oppositely charged polymers in the network. Better control
of the NP density within the gel can be achieved by incorporating chemical groups in the polymer
network that have affinity to the NP precursors (nucleation groups). It has been shown that it is
possible to control the size, morphology, and stability of the NPs by adjusting the concentration of the
nucleation groups in the hydrogel side chains [45].

Pardo-Yissar and co-authors explored the cyclic deswelling and swelling of polymer networks
in a poor and good solvent, acetone and aqueous suspension of NPs, respectively, to incorporate
pre-formed Au NPs on polyacrylamide films, in what they name a “breathing” mechanism [46]. Such
a procedure was chosen since the polymer film could not be formed in the presence of the NPs, due
to NP aggregation. It is suggested that during the breathing out cycle, when the gels are placed in
acetone and de-swell, the NPs remain inside the gels due to the collapse and physical entanglements

291



Polymers 2019, 11, 275

of the polymer chains and hydrogen bonding between the monomers and the citrate surface of the
NPs. The authors reported an increased NP concentration inside the gel with each breathing cycle and
that the NPs were well-distributed within the film [46]. However, it was not clear if such systems are
stable in aqueous solution, where NP leaching from the hydrogel may occur with time. A different
procedure was adopted to co-assemble colloidal Au with poly(N-isopropylacrylamide) (PNIPAm)
microgel, based on the centrifugation of the microgel particles with the NPs, followed by removal of
the supernatant and redispersion of the Au particles through the microgel pellet by gentle heating,
agitation, and sonication cycles [47]. The resulting composite could be further manipulated by light
exposure where the Au plasmon absorption was explored to induce local heating, thus triggering local
deswelling within the PNIPAm microgels.

Albeit apparently working, further fundamental insight on the breathing process for the
incorporation of NPs can potentially be obtained by determination of the mesh size of the network
at various conditions of cycling, and how the mesh size is controlled by the molecular parameters.
Such a strategy could provide more fundamental knowledge to the design of NP–hydrogel composites
with respect to adjustment of the size of NPs relative to the mesh size of the network, and thereby also
control the efficiency of the incorporation process, as well as the leaching of NPs.

2.4. NP Addition to Polymer Solutions Prior to Network Formation

The synthesis routes described so far, in situ formation of NPs in a preformed hydrogel network
and mixing pre-synthesized NPs into polymeric networks, are widely employed for the preparation
of iron oxide NP—hydrogel composites. Other strategies comprise the blending of pre-formed
NPs with polymeric chains prior to cross-linking of the polymer chains, or mixing the polymer
chains with iron salts for the formation of both NPs and a network during the cross-linking step
(Figure 2b). Within the former, different procedures have been developed. One can simply exploit
the addition of NPs to polymer solutions, followed by polymer gelation. In Ref. [20], for example,
chitosan/poly(vinyl alcohol) (PVA)/Fe3O4 hybrid gel particles were prepared using an instantaneous
gelation method where aqueous solutions of the three components were first mixed, followed by
dripping of the solution through a needle into a sodium hydroxide bath. Such hybrid gel particles
were developed as low-cost recyclable biomaterials for the removal of dyes from aqueous solution,
where the inclusion of the magnetic NPs allows the separation and recycling of the gel particles using
magnetic fields. The mechanism with which the NPs are kept within the gel was not elucidated in the
work. Liu and co-workers explored variations in pH to assemble polyhedral oligomeric silsesquioxane
(POSS)/carboxymethyl cellulose (CMC) hybrid hydrogels [48]. They started with the NPs in a solution
at high pH, where the surface NH2 groups were not protonated, to avoid electrostatic interactions
between the particles and the COO− groups in CMC and the concomitant formation of a precipitate.
After mixing the POSS with the CMC, the hydrolysis of added D-(+)-gluconic acid δ-lactone slowly
reduced the pH, which, according to the authors, induced the formation of the hybrid network through
the formation of hydrogen bonds between POSS-NH2 and CMC. It is unclear if hydrogen bonds are
indeed the driving force for the association of CMC with POSS-NH2 (see discussion in Section 3). The
presence of charged COO− groups in the polymer chains is expected to facilitate the protonation of the
NH2 groups in the POSS and vice-versa, as the pH is decreased. Indeed, the pKa of such groups has
been found to change significantly in the presence of oppositely charged macromolecules, and can
possess a charge for wider ranges of pH values than the pure substances (Figure 3) [49]. Recent work
instead suggests that the formation of a polymer network may still be due to electrostatic interactions
between the CMC and the POSS NPs, but by starting with weakly charged NPs and changing the pH
so they slowly obtain more charge, the polymer chains will likely interact with and bridge several
NPs, creating a network, instead of strongly interacting with one (or few) NP(s), which leads to the
formation of neutralized large complexes (precipitate) [50].
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Figure 3. (a) Titration curves for a 120-monomer long polyelectrolyte (PE) (orange) and NP (blue) with
pH sensitive groups both separately (dashed lines) and in a mixture (solid lines), given as the fractional
charge (α) as a function of pH, obtained from Monte Carlo simulations. The difference between the
dashed and solid lines shows that the fractional charge of the individual components increases in the
presence of the oppositely charged NP or polymer. (b) Representative snapshot of adsorbed PE onto
the NP. The PE is described as a sequence of hard-spheres (in green) connected by harmonic bonds.
The NP is modeled as a hard-sphere with 20 Å with a density of 4.8 surface sites per nm2 (in blue).
Dark monomers and surface groups correspond to neutral groups, and particles with bright colors
refer to charged groups. The pKa of the monomers and NP surface groups was set to 7.0 and 6.8,
respectively. Purple and black particles are the counterions of the PE and NP, respectively. For details
on the calculation method and model, see Refs [49,50]. Data and figures by Morten Stornes.

Poly(sodium acrylate) (PANa) grafted with monomeric groups with a low critical solution
temperature behavior in water (N-isopropylacrylamide, NIPAm) was mixed with SiO2 NPs to form
hybrid networks [51]. Despite the electrostatic repulsions between the PANa backbone and the silica
NPs, the formation of hybrid networks with viscoelastic properties comparable to those of covalently
cross-linked gels was observed. It was proposed that the NIPAm side chains interact specifically with
the silica NPs, via the formation of hydrogen bonds between the alkylene oxide units and the silanol
groups, respectively, with the NPs serving as cross-links of the polymer network for the NIPAm grafted
PANa. PANa chains grafted with poly(ethylene oxide-co-propylene oxide) (PPO) side chains did not
show the same interaction strength with the NPs.

It is challenging to prepare homogeneous hybrid gels with large polymer fractions simply by
blending the components if the interactions between the polymer and NPs are too strong, as these tend
to associate strongly, leading to heterogenous materials [52]. In such cases, a viable approach for the
synthesis of hydrogel NP composites is polymerization of the polymer network, from the monomers,
in the presence of the NPs, with or without a chemical cross-linker (see Section 2.5).

In a different strategy, Pasqi and co-authors describe the synthesis of composite hydrogels
containing CMC polymer chains and TiO2 NPs functionalized with amine groups, thus supporting
covalent binding of the NPs to the hydrogel network. The NPs served as cross-linkers in the hydrogel,
allowing for the mechanical advantages of hybrid gels, but without some of the disadvantages, such
as the leaching of NPs from the network, a common problem in hybrid networks where the NPs are
only physically embedded in the polymer network, making these ideal to applications within, for
example, tissue engineering [53]. A similar procedure has been followed to synthesize gelatin/Ag [54],
pectin/hydroxyethyl methacrylate/TiO2 [55], and chitosan/Au [56] hydrogel composites, among
others. In addition to the increased stability of the formulation, with respect to the release of NPs from
the networks, such “click-hydrogels”, where the NPs are covalently bond to the polymer network,
have the advantage of multivalency, where many polymer chains can be linked to a single NP, which
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increases factor ν in Equation (1), as opposed to the most common tetra-functionality of the cross-links
in chemical gels. On the other hand, the presence of covalent bonds between the NPs and the polymer
network restricts, to a large extent, the extensibility and self-healing potential of the hybrid material,
when compared to hybrid hydrogels where the NPs are not covalently bound to the polymer network.

As mentioned, it is also possible to mix metal salts and polymer solutions for the simultaneous
formation of NPs and cross-links within the hydrogel matrix. This is described as the best method to
obtain monodisperse NPs and a good colloidal stability, while exploring the advantage of a one-pot
strategy [57]. This methodology has been used to produce hybrid gels with different compositions,
e.g., PVA/PNIPAm/Fe3O4 obtained upon the mixing of PVA (or PVA and PNIPAm) polymers with
iron salts, followed by the drop-wise addition of this solution into an ammonia solution [58], or
polysaccharide-grafted poly(N,N-dimethylacrylamide) (PDMAm)/iron oxide particles, prepared using
a similar procedure [57].

2.5. Monomer Polymerization in the Presence of Nanoparticles

The polymerization of monomers into a network in the presence of pre-made NPs (schematically
depicted in Figure 2c) is probably the most common procedure to incorporate NPs into polymer
networks. This strategy was pioneered by Haraguchi and co-workers [17,19,59], using a free radical
polymerization of NIPAm or N,N-dimethylacrylamide (DMAm) in the presence of clays. It is suggested
that the polymerization starts at the (large) surface of the clay (diameter of 20 to 30 nm and thickness
of 1 nm), evolves throughout the solution, and leads to a network where the clay particles act as
cross-links [60]. These gels are physical composite hydrogels due to the nature of the interaction
between the polymers and NP and the lack of an added cross-linker. This methodology has been
extended to prepare composite hydrogels made of modified clay particles or of spherical silica or
titanium oxide NPs, both in the presence and absence of cross-linker agents, with the intention of
improving the mechanical properties of the gels. Many of these examples can be found listed in
Section 4.

In addition to inorganic clay and metal nanoparticles, this approach has also been explored in
the preparation of hydrogel composites containing metal-oxide nanometer-scale sheets (nanosheets,
NSs). As recently reviewed [61], NSs are two-dimensional nanomaterials possessing very large aspect
ratios, and a range of unique chemical, physical, electronic, and optical properties. Of special interest
are NSs such as titanium oxide or graphitic carbon nitride (g-CN), which, in addition to serving
as reinforcing fillers and introducing function in the hydrogels (see Section 5.4), can trigger the in
situ radical polymerization of acrylamide monomers and derivatives, by radiation with ultraviolet
light and the concomitant production of hydroxyl radicals [62]. Such photo-initiated free-radical
polymerization leads to the formation of hydrogels even in the absence of cross-linkers, but adding
cross-linkers significantly increases the mechanical strength of the gels [63].

In an example involving biological polymers and nanomaterials, Serizawa and co-workers have
found that macromolecular crowding induced by water-soluble polymers allows the enzymatic
synthesis of cellulose-based nanoribbon hydrogels and suppression of cellulose NS formation and
concomitant precipitation [64]. Such suppression is believed to be due to an increase in the effective
viscosity of the synthesis media and/or depletion stabilization of the colloidal products [64,65]. In a
recent publication [65], the same group extended this concept to form nanocomposite hydrogels by
polymerizing cellulose-derived monomers, with cellulose nanocrystals (CNCs) acting as crowding
agents. A reported self-assembled peptide/g-CN hydrogel, developed as a light-responsive scaffold
material, is an interesting example of a nanocomposite hydrogel where non-covalent interactions are
explored to both polymerize the peptide monomers (monomer—monomer interactions) and induce
cross-link formation (monomer—NSs interactions) [66].
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3. Overall Mechanism and Forces Involved in Hybrid Composite Formation

NP—hydrogel systems have received much interest in the past decades, fueled by recent novel
applications (see Sections 5 and 6). The interactions between the polymer network and the NP
surface have not been studied to the same extent and, in many of the systems, are poorly understood.
Considering that the improvement of the mechanical properties of the gel systems arises from the
interaction of these with the surface of the NPs, understanding the interactions at play in these systems
is fundamental for tailor-making such materials.

The general consensus is that NPs act as multifunctional cross-linkers for the polymer network;
that is, two or more polymer chains in the network bind to one NP, and the polymer chains, in turn,
bridge two or more NPs. The formation of composite networks necessarily relies on the affinity
between the polymer monomers and the surface of the NPs. The adsorption of the monomers should
be at least comparable to the thermal energy (~kBT), since the polymer loses conformational entropy
upon adsorption to the particle surface. On the other hand, the interaction strength between the
polymer monomers and the NP surface does not need to be very large: the ability of the polymer to
form multiple links, due to its conformational entropy and thus ability to adopt different conformations,
dictates a strong enough interaction to restrict the infinite swelling (dissolution) of the network when
placed in excess water, or the gluing of two gels mediated by NPs [67]. This concept has been
further expanded by using polymer chains with dendritic end groups possessing positively charged
groups. Both the large number of adhesion points and the amine groups guarantee a strong interaction
with negatively charged clay surfaces [68]. Block polymers with positively charged end blocks also
contribute to the formation of strong clay-hydrogel composites [69]. This mechanism underpins the
improved mechanical qualities of the composite gels, described in Section 4. In addition, when the gel
is under tension, some monomers and/or polymers will desorb from the NPs, dissipating the tension
and retarding failure. Furthermore, such breaking in the cross-linking is reversible since the same
or other neighboring strands can in turn adsorb to the NPs, replacing the detached link [70]. This
mechanism also supports the self-healing capability that numerous composite NP-hydrogels show.

Gluing hydrogels and tissue using NPs is interesting from an application point of view, but also
allows a direct assessment of the adhesion forces between the hydrogels mediated by the particles.
Indications of the importance of the interactions between the polymer network and the NPs arise
from studies where adhesion forces between PDMAm hydrogels glued using colloidal mesoporous
silica NPs were found to increase when increasing the specific surface area of the particles, achieved
by increasing the pore diameter and volume of the synthesized particles [71]. Further, the particles
with the largest pore diameter could absorb the largest amount of polymer at a given concentration.
Additionally, it was also shown that the amount of adsorbed polymer on NPs (suspended in aqueous
solution) correlated well with the gel-gel adhesion energy. Interestingly, the zeta potential of the
particles decreased (from −18.5 to −35.7 mV) when increasing the specific surface area (from 219 to
514 m2/g), but this fact was not explored or discussed in the work [71].

Another indication that the macroscopic gel—gel adhesion is mediated by polymer—particle
adsorption is based on studies where the cross-linking density of the glued hydrogels is varied. A larger
concentration of cross-links leads to more constrained polymer chains and weaker adsorption energies.
Furthermore, more swollen networks show weaker adhesion [67]. This is also supported by models
that suggest that the energy landscape of the system is strongly dependent on the elastic properties of
the gels [72]. These studies further indicate that NP dispersions can be used to assemble hydrogels,
without affecting the rigidity of the material [67,72,73].

The chemistry of the NP surface and the composition of the hydrogel are important parameters
in the adhesion of NPs to the polymer network and can be explored to increase the strength of
the interaction and thus adhesion. One possibility is to include moieties supporting electrostatic
interactions between NPs and the network. Such interactions are long ranged and the possibility of
tuning their strength with variations in ionic strength and pH makes this a popular route in some
applications [74,75]. The adsorption of neutral polymers onto surfaces, on the other hand, often relies

295



Polymers 2019, 11, 275

on specific and short-range interactions. Poly(ethylene oxide) (PEO), for example, is a commercial
polymer that can be used as a dispersant for latex and a flocculant for clays and silica particles.
In fact, the ability of polymers to stabilize colloidal suspensions against flocculation, which is of large
importance in the formulation of, for example, paints and cosmetics, has fueled the study of polymer
adsorption onto particles and surfaces since the 50s [76–78].

Clays and silica NPs are recurrent compounds in nanocomposite hydrogels and it was established
early on that PNIPAm and PDMAm showed relatively strong interactions with the NPs (and thus
a good adsorption ability), while PVA and PAAm did not [79–81]. It is commonly described that
hydrogen bonds established between the polymer moieties and the silanol (Si–OH) groups on the
surface of the silica particles are the driving force of the adsorption of neutral polymers to the surface.
Indeed, it was shown, using infrared spectroscopy, that DMA forms hydrogen bonds with the surface
groups on the silica surface in the absence of water (in chloroform), which is to be expected [79].
Nevertheless, and as stated by Rubio and Kitchener, “In an aqueous medium, however, such bonding
must be reduced by competition from water molecules.” [82]. These authors also mention, citing
another work, that the non-adsorption of PVA could be due to the difficulty in displacing water from
the silanol groups.

Perrin and co-authors [80] studied the structure and dynamics of polymers near a silica surface
using a coarse-grained model. The model used, based on the Martini force field, describes groups of
atoms using beads (two for the monomer backbone and two for each the side chains of the monomer)
with different degrees of polarity. In addition, beads can be defined as hydrogen bond donors
and/or acceptors. The only non-bounded interactions included in the simulations were represented
by a modified Lennard-Jones potential. The work focused on two polymers with slightly different
compositions, PDMAm and PAAm, which were found to interact and not interact, respectively, with
silica NPs using lap adhesion tests [67]. The interaction energy between the model silica surface
and the used solvent model was found to be very slightly larger than that of silica—PDMAm and
significantly larger than that of silica—PAAm side chain monomers. On the other hand, snapshots of
the systems (Figure 4) show that even for PDMAm, the polymer coverage of the surface is not very
large, with an apparent larger fractional occupation of solvent molecules near the surface of silica. This
was especially obvious in the PAAm systems, where the polymer occupation at the surface decreased.
Without discussing it much, but highlighting the fundamental role of the solvent in the absorption
mechanism, Perrin and co-authors conclude that the strongest solvation of the PAAm dictates the lack
of adsorption at the silica surface. These results suggest that entropic effects, rather than the direct
H-bonds between polymers and particles, are the driving force for polymer adsorption onto NPs.
Naturally, when the polymers do adsorb, hydrogen bonds between the monomers and surface groups
can be easily formed. It is interesting to note that PDMAm, which has been shown to interact with
silica NPs, has two methyl groups in each monomer, which makes it a more hydrophobic polymer
than PAAm. Rubio and Kitchener studied the adsorption of high molecular weight PEO onto various
forms of silica. They suggest that (i) isolated silanol groups are probably the principal adsorption
sites, (ii) the adsorption of PEO is favored if the regions between the sites are hydrophobic, and (iii)
the adsorption of PEO is disfavored if the regions between the adsorption sites are hydrated and (iv)
particularly disfavored if the surface is appreciably ionized [82], although other work has showed
no appreciable difference in PEO adsorption to silica within the pH range 2.5–10, where one would
expect some variation in the ionization of the NPs [83]. Regarding point (ii), other evidence pointing
to the significance of the hydrophobic interactions is the fact that a “salting-out” effect was observed in
these systems; that is, the addition of 20 mM of salt led to an increase in the strength of the interaction.
Conclusion (iv) arises from studies showing that the adsorption of PVA onto silica surfaces was higher
at pH 3.6 than at pH 9, justified by the presence of more undissociated silanol groups to form hydrogen
bonds with the polymer chains [84]. While this is a good argument, it is also suggested in Ref. [82]
that the presence of ionized groups at the silica surface decreases the hydrophobicity of the surface
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(weakening the interaction if this is, at least partially, hydrophobic in nature), or that the presence of
condensed counterions could prevent PEO from approaching the surface.

 
Figure 4. Snapshots of molecular dynamic simulations depicting solvated polymers (in gray) near a
silica surface (in dark). Panels (a) and (b) refer to PAAm and PDMAm, respectively. Panel (c) shows
the top view of the absorbed PDMAm monomers. Reprinted with permission from Perrin, E.; Schoen,
M.; Coudert, F.; Boutin, A. Structure and Dynamics of Solvated Polymers near a Silica Surface: On the
Different Roles Played by Solvent Journal of Physical Chemistry B 2018, 122, 4573–4582. Copyright (2018)
American Chemical Society.

In a recent article, an off-lattice model taking into account the excluded volume of polymers and
ions is used to describe the adsorption of PVP on a silica surface. Interestingly, the predictions from the
model were found to be in good agreement with experiments when both a hydrogen bonding-based
interaction (based on a Lennard-Jones potential that could have been used to describe van der Waals
interactions) and excluded volume effects between ions and (neutral) polymer chains were included.
The effect of the latter was discussed to be two-fold: the direct competition between the polymer and
the ions for surface adsorption and consequent decrease in the polymer adsorption [85], and/or an
improved titration of the silanol groups enhanced by counterion condensation and, concomitantly, less
opportunities for these groups to form hydrogen bonds with silica [86].

In a recent publication, Sato and co-authors probed the importance of van der Waals forces
for the interactions between silica NPs and PAAm and PDMAm gels, by varying the Hamaker
constant, A, achieved by changing the refractive index of the medium using ethylene glycol [87]. They
observed that for sufficiently high concentrations of ethylene glycol, where PAAm and PDMAm have
similar A values, the quantity of particles adsorbed onto each gel is similar. Hydrogen bonding and
hydrophobic interactions were dismissed since the silica surface was well-hydrated and both the
polymers and silica surface were hydrophilic. In their opinion, the driving force for NP adsorption on
hydrogels is van der Waals interactions, at least under conditions where chemical and electrostatic
adsorption are negligible.

It is clear that polymers possessing carboxyl or ether oxygen groups in their composition will form
hydrogen bonds with hydroxyl groups at surfaces, and that the strength of these interactions depends
on the chemistry of the groups. It is, however, not clear if this is the driving force of association or if
instead van der Waals forces predominate. Additionally, entropic effects derived from a preference of
the hydration waters on the particle surface and/or the polymer to be in bulk rather than associated,
should not be disregarded in these systems.

While this discussion has predominantly focused on interactions between polymer network
chains and clay particles or silica NPs, similar arguments can be used in equivalent systems. He and
co-authors [88] describe the formation of intermolecular hydrogen bonds between g-CN NSs and
sodium alginate chains, based on infra-red spectroscopy, showing a broadening and shift of the
peaks corresponding to the O–H stretching vibration in g-CN NSs, and pointing out studies of
sodium alginate with graphene oxides (GOs) with different surface functionalization on the formation
of (dry) films [89]. Graphene NSs have attracted much interest due to their high specific surface
area, electron transport, and mechanical properties [90]. As mentioned below, these materials are
prone to aggregation in aqueous solution and large efforts have been devoted to increasing their
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stability in solution. This can be achieved by surface modifications, such as the introduction of
charged surface groups, leading to stabilization through electrostatic repulsions or the adsorption
of polymers and stabilization through steric repulsions. In ref. [89], it is found (not surprisingly)
that (the negatively charged) alginate interacts more strongly with positively charged GOs than with
GOs with modifications that introduce negatively charged surface groups. Furthermore, infrared
spectroscopy was used to identify the groups involved in alginate –GO interactions, in dry films,
which were attributed to intermolecular hydrogen bonds. Nanocomposite hydrogels have also been
prepared using GO and PVA solutions [91]. Interestingly, the authors describe the hydrogel structure
as networks of GO NSs with the PVA acting as a physical cross-linking agent, as opposed to the most
commonly described polymer network with nanomaterials acting as cross-linking sites. The PVA
is stated to function as a cross-linking agent since the GO NSs can interact weakly in pure solution.
Additionally, in these systems, hydrogen bonding between the hydroxyl, epoxy, and carboxyl groups
at the surface of the GO sheets and the hydroxyl-rich PVA chains is considered to be the dominant
force, again based on the characterization of dry samples [92].

It is worth mentioning that the predominant role of hydrogen-bonding in cellulose association in
water, and the interaction of cellulose with non-ionic polymers in aqueous solution, has recently been
challenged [93–95].

As mentioned above, it is possible to make use of the photo-initiation abilities of g-CN NSs to
trigger the in situ radical polymerization of acrylamide monomers and derivatives [62,96]. Since
radicals can be generated at the surface of the g-CN NSs, it is suggested that polymerization starts
at the surface of the NSs, which also acts as anchoring points for the monomer, i.e., the polymers are
effectively covalently bound to the surface of the NSs. The formation of strong hydrogels without the
addition of external cross-linkers is, according to the authors, a clear indication of the formation of
covalent bonds between the NSs and the polymer network [97]. In addition, control experiments where
the NSs were physically embedded in the hydrogel via redox initiation in the dark (no photo-initiation)
created a hydrogel that was still stronger than the (PDMAm hydrogel) control, due to the filler
reinforcement effect of the NSs, but weaker than the gels where the polymer is bound to the NSs.
Still considering g-CN NSs, an interesting self-assembled peptide/g-CN hydrogel nanocomposite
was recently reported where both the peptide polymerization (monomer-monomer interaction) and
interaction between peptide monomers and NSs were driven by non-covalent π-π interactions between
the aromatic rings in the monomers and the aromatic rings of the monomers and the graphitic structure
of the NSs, respectively [66].

A recent article by Liu and co-authors [98] has highlighted the need for careful structural and
mechanistic studies within the NP–hydrogel nanocomposite field. While studying the effect of
the size and shape of silica NPs on biological tissue (pig liver) adhesion, the authors came across
an unexpected effect of NaOH or KOH bases in the tissue gluing process. It was found that the
synthesized NPs achieved tissue adhesion that was similar to that obtained using commercial Ludox
silica NPs (SM-30) [67] only after exposing the NPs to a concentrated base solution. Such treatment
caused the etching of the NP surface, changing the particle size and shape into “poorly defined clusters
of spherical particles”, and changing the surface charge of the NPs from negative to nearly neutral [98].
Surprisingly, much stronger tissue adhesion was achieved by simply adding a drop of strong base
solution to two liver surfaces that were pressed together without the addition of NPs. It is suggested
that the strong base changes or damages (possibly denaturates) the surface proteins of the pig liver,
which enhances protein-protein interactions and improves the adhesion of the tissue. In this respect,
and according to the authors, the presence of the silica NPs is unnecessary or even a hindrance to the
adhesion process.

In fact, SM-30 has been shown to glue hydrogels made of PDMAm [67], in a system where it is
not clear how a strong base would affect the hydrogel–hydrogel interactions. In addition, PDMAm
polymers were shown to adsorb to silica particles (including Ludox) [71]. Furthermore, Stöber silica
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NP solutions [73] and colloidal mesoporous silica NPs [71] have been shown to glue rat skin and
enhance wound healing, apparently without the aid of a strong base.

While the proposed base-induced protein denaturation mechanism is a rather interesting one and
certainly worthy of further studies, it does not seem to be the only one at play. Having in mind, in
particular, the studies involving ex vivo (pig [98] and calf liver [67]) and in vivo (rat skin [73]) systems,
one may also have to consider tissue composition specificity, as well as the presence of components
that may only be present in living tissue, while developing NPs for tissue adhesion and discussing the
relevant interactions at play.

4. Nanoparticles for Improving Hydrogel Properties

4.1. Optical Properties

Typically, gels are transparent and flexible at a low cross-linker content and become opaque and
fragile at a high cross-link density [99]. This has been attributed to the development of structural
inhomogeneities [100]. A decrease in transmittance can also be obtained by variations in temperature
when gels are composed of temperature-responsive polymers. For example, PNIPAm polymers exhibit
a coil-to-globule transition for temperatures above the lower critical solution temperature, which leads
to changes in gel transmittance [59]. It is therefore important to have enough information about the
behavior of the polymers at different temperatures and pHs in order to be able to establish whether
the transmittance varies because of the cross-link density or other factors [101].

Assuming that gel transmittance is decreased upon the formation of heterogeneous domains,
the observed larger transmittance of nanocomposite hydrogels suggests that the cross-links in
nanocomposite gels are more uniformly distributed [59] and that only a very small amount of the NPs
form oligomers or bigger clusters [102]. Oligomers and bigger clusters, in addition to heterogeneity,
can lead to an increase in diffusive scattering, which decreases the transparency [103]. Accordingly,
the optical behavior of, for example, cellulose-based hydrogels with silicate NPs, was observed to
be highly dependent on the concentration of NPs in the network [103,104], which was explained by
both an increase in cross-link density and an increase in NP aggregates [103]. On the other hand,
Haraguchi et al. [59] reported that PNIPAm–clay nanocomposites show a constant transparency for
clay NP concentrations up to 60 wt % (against polymer) (see Figure 4 in Ref. [59]), which could
indicate that gel transmittance is independent of clay concentration. It is most likely, however, that all
nanocomposite hydrogels show a decrease of transparency above a certain critical concentration of
NPs, which was simply not reached in the study by Haraguchi and co-workers. The NP concentration
where the decrease in transmittance is observed will depend on the properties of the NPs and on the
intermolecular interactions between NPs and between NPs and the polymers in the gel.

Depending on the composition, the transmittance of nanocomposite gels may also be sensitive
to pH variations. For example, Ahmed and co-authors [105] showed that nanocomposite hydrogels
obtained from sodium silicates/colloidal silica mixtures, developed for bacterial encapsulation, lost
transparency when lowering the pH from 7 to 5 (as well as the ability to gel) when using Ludox silica
particles, while sodium silicate NPs showed the opposite trend, with samples becoming more opaque
when the pH was increased from 5 to 6. The authors concluded that the transparency variations were
related to NP aggregation upon pH variation and that by varying the pH and NP concentration, whose
increase resulted in an increase in optical density, it was possible to synthesize gels with a similar
transparency for a wide range of silicate concentrations [105].

In addition to temperature, NP concentration, and pH, swelling and de-swelling can affect
gel transmittance. Yang et al. [106] showed that some NP–hydrogel composites turned white on
de-swelling, ending up at 0% transmittance. However, in general, nanocomposite hydrogels are highly
translucent materials [103] and can exhibit a transmittance above 90% even for high concentrations of
NPs [59,107], depending on the general composition, pH, and temperature of the solution. Overall,
hydrogel composites show a higher transparency than chemically cross-linked gels due to less
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structural inhomogeneities that arise when chemical cross-links are formed inhomogeneously during
polymerization [108].

4.2. Mechanical Properties

The mechanical properties of hydrogel composites can depend strongly on the concentration of
NPs, but tend to behave differently from covalently cross-linked gels [52]. In addition, the length of
the polymer chains also plays an important role in the mechanical properties of the hydrogels; the
longer and more flexible the polymer chains between the cross-linking points (NPs) are, the greater
the flexibility of the nanocomposite hydrogel [109]. This is also true for covalently cross-linked gels;
however, the number of cross-links is much higher than in hydrogel composites [109]. Due to this,
the chain length between cross-links is generally larger in nanocomposite gels than in covalently
cross-linked gels composed of the same polymers [109]. In the following, we discuss the impact of NP
integration in hydrogels on the mechanical properties of the resulting materials, with an emphasis on
stress-strain behavior, including the elastic and storage moduli, and stress relaxation.

4.2.1. Stress-Strain Behavior

In contrast to covalently cross-linked hydrogels, nanocomposite hydrogels typically exhibit
an improved behavior in response to stress. Multiple studies have shown that NP–hydrogel
networks can withstand high degrees of deformation, such as elongation, bending, compression,
and tearing [110–112].

Nanocomposite hydrogels have been shown to exhibit an increase of both shear storage modulus
(G’) [59,68,74,103,112–115] and Young’s modulus (E) [52,59,102,103,105,107,109,114–116] in comparison
to covalently cross-linked hydrogels with a similar polymer composition prepared with some form of
cross-linking agent (for example N,N′-methylenebis(acrylamide)) [59,109]. However, as previously
mentioned, the covalently cross-linked gels generally have a higher cross-linking density [109], which
might justify, at least partially, the different behavior of the materials. It was shown that increasing
the concentration of NPs can lead to an increase in shear storage modulus and Young’s modulus for
low NP concentrations, followed by a plateau [59,102–105,109,111,112,117,118]. This was also the case
with PAAm hydrogels reinforced with graphene NSs [119].

Recently, magnetic fields have been used to orient stacked titanate (IV) NSs and form anisotropic
composites. These were shown to resist compressibility applied orthogonally to the oriented NSs while
undergoing deformation under parallel shear forces. The resistance to compressibility in these systems
arises from electrostatic repulsions between the NSs [62]. Additionally, g-CN NSs have recently
become a popular inorganic hydrogel filler, where the mechanical properties are also dominated by
the electrostatic repulsion between the NSs, as shown by the increase in the shear storage modulus of
the hydrogels upon the decrease (more negative) of the zeta potential of the nanosheets [97].

Figure 5 summarizes reported elastic moduli as a function of NP concentration for different
nanocomposite hydrogels. They all show an increase of the Young’s modulus with NP
concentration [17,52,59,109], even if they are composed of different polymers and/or NPs. It is
important to note in Figure 5 that the definition of NP concentration is different for the silica and the
clay NPs. All in all, the nanocomposite hydrogels depicted here show a comparable increase in elastic
modulus. At variance, the elastic modulus of HA/silica NP hydrogels was shown to decrease above
a certain NP concentration (2%), which did not occur with chemically cross-linked HA gels (using
divinyl sulfone as a cross-linker) [102].
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Figure 5. Elastic moduli for different nanocomposite hydrogels. Replotted using data from
PDMAm/clay [109] (blue dots), PNIPAm/clay [17,59] (yellow squares and red crosses), and

PDMAm/silica [52] (purple triangles). The concentration of clay particles is CClay = (100)
(

mClay
MClay

)
,

with mClay representing the weight of clay per 1000 mL of water and Mclay representing the molecular
mass of clay [17,59,109]. The silica NP concentration is the weight ratio between silica and DMA [52].
The amount of polymer in the samples varied from approximately 1.5 g to 6 g.

The storage modulus increases steadily as the concentration of NPs increases [59,74,113,118],
showing up to a hundred-fold increase [74], until the gel reaches a critical strain region. Above this
region, the storage modulus decreases rapidly, indicating that the gel collapses into a quasi-liquid
state [68]. In addition, nanocomposite hydrogels can exhibit a significant strain rate dependence [49].
The important property of the nanocomposite hydrogels that leads to the increase of the storage
modulus, below the critical NP concentration, is the lack of cross-links formed by covalent bonds [74].

Such response to stress indicates that:

• The NPs of the examined samples were integrated in the hydrogel networks, forming physical
cross-links that cause the nanocomposite hydrogel to behave as an elastic gel with high
extensibility [74,104,113];

• When the concentration of NPs increases, the resulting interactions between them become more
important than the NP-polymer interactions, leading to an increase in the stiffness of the network
and thus decreasing maximum elongation at break [52,103].

The elongation at break was shown to be greater for hydrogel composites than for covalently
cross-linked hydrogels prepared with the same monomers and with a comparable cross-linking
density [59,103,104,109,111,116,118]. While typical covalently cross-linked gels break at an elongation
of approximately 50%, regardless of cross-link density [84,89], nanocomposite hydrogels could be
extended to about 1000%, or more, before breaking [52,107,111,114,116], which shows an improved
mechanical behavior when compared to covalently cross-linked hydrogels. Figure 6 shows the
elongation at break from three different studies and clearly depicts how the elongation at break shows
a tendency to decrease with increasing clay concentration, at least up to a certain NP concentration. It
is unclear from the presented data points if two of the systems show a minimum in the elongation
at break, or if they reach a plateau. An important observation is that the data for the PNIPAm/clay
nanocomposite hydrogels, representing gels prepared (apparently) under the same conditions, do
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not show the same behavior, which suggests that environmental factors during the preparation
or characterization of the hydrogels, such as temperature, might have an effect on the mechanical
properties of the nanocomposite hydrogels. In another study, however, PVA-clay hydrogels have
been shown to exhibit a drastic increase in the elongation at break as the clay concentration increased,
within the studied concentrations [117]. In general, all these NP–hydrogel composites gels exhibit very
high elongations at break, above 1000%, for low clay concentrations [17,59,109].

Figure 6. Elongation at break of nanocomposite hydrogels. Data from Haraguchi et al. [17,59,109]
of elongations at break for PDMAm and clay hydrogels [109] (blue circles), PNIPAm and clay
hydrogels [17] (red crosses), and PNIPAm and clay hydrogels [59] (yellow squares) replotted as
a function of clay concentration Cclay.

Some nanocomposite hydrogels can even be elongated at a sufficient length to form a knot without
displaying damage or breaking in the process [59]. Also, the shape recovery after elongation can be
almost 100% [59,111,112,116].

In summary, the incorporation of NPs into hydrogels can improve the elastic and storage moduli
and increase the elongation at break, with the enhanced mechanical properties being attributed to the
physical cross-links between NPs and polymer chains [52,104].

4.2.2. Stress Relaxation

Nanocomposite hydrogels also exhibit a different stress relaxation than chemically cross-linked
hydrogels. Following a sufficiently long waiting time after exposing a macroscopic sample of these
materials to stress, the stress relaxes and reaches a plateau without further change [52]. This process
strongly depends on the concentration of NPs in the gel [52], which suggests that the interactions
between these and the polymers play a key role in it. This hypothesis was supported by the finding that
stress relaxation also depends on the type of cross-links in the gel [101]. In nanocomposite hydrogels,
stress relaxation occurs mainly through dissipative mechanisms of breaking and reforming cross-links
between NPs and polymers [101], while in covalently cross-linked gels, stress relaxation occurs mainly
through the migration of water [103]. Thus, the nature of NP-hydrogel interactions in nanocomposite
hydrogels is the cause for this stress relaxation behavior.
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5. Novel Functionalities

5.1. Self-Healing Hydrogels

Polymer gels with self-healing abilities can regenerate, similarly to living matter, in response
to damages in the polymer network and formation of cracks [120]. This repair should occur both
autonomously and spontaneously [110] and can be achieved through different approaches. One of
these approaches consists of using NPs as network cross-linkers.

Table 1 shows an overview of some recent studies where self-healing nanocomposite hydrogels
were synthesized and studied.

Haraguchi and co-authors [110] developed a self-healing gel by synthesizing a nanocomposite gel
composed of PDMAm or PNIPAm and inorganic, hydrophilic, synthetic hectorite clay NPs. Mechanical
damage, i.e., knife cuts, healed autonomously, without the use of healing agents (Figure 7), just by
keeping the cut surfaces in contact at ambient or slightly elevated temperatures [110]. The same
behavior was also observed for other types of gels [68], suggesting it is not specific to polymer
networks of a particular composition. The self-healing behavior can be attributed to the nature of the
nanocomposite hydrogel. At the freshly cut surface of such a gel, long polymer chains, for example,
PDMAm chains, that are adsorbed onto the surface of hydrophilic inorganic clay NPs inside the gel at
one end have the ability to interact with clay particles on the other gel surface [110]. Thus, by adjoining
two cut surfaces, the chains of each surface will diffuse into the network of the other surface and
bridge neighboring clays, thus gluing the two gel surfaces together [110].

Figure 7. Self-healing nanocomposite hydrogel composed of PDMAm and hectorite clay NPs (D-NC3).
The nanocomposite hydrogels were (1) damaged or (2) cut off using a knife and then healed by keeping
the cut surfaces in contact at 37 ◦C for varying times, ranging from 48 to 100 h. Reprinted with
permission from Haraguchi, K.; Uyama, K.; Tanimoto, H. Self-healing in Nanocomposite Hydrogels.
Macromolecular Rapid Communications 2011, 32, 1253–1258. Copyright (2011) John Wiley and Sons.

For many nanocomposite gels, the time the two cut surfaces have to be in contact in order for
self-healing to occur strongly depends on the temperature [107,110,118,121–125]. Haraguchi et al. [110]
showed that at a temperature of 37 ◦C, the self-healing was completed, with a 100% recovery of tensile
strength, after 48 h, see Figure 8. Factors that increase polymer diffusion, such as higher temperatures
or a longer contact time, also increased the rate of self-healing, since the polymer chains at each
surface have to diffuse into the opposite surface to create new bonds and thus glue the two surfaces
together [107,110,118,125]. For example, for composite hydrogels made of PDMAm and hectorite, it
took only 30 min for full self-healing at 80 ◦C [110]. On the other hand, self-healing hardly occurred
at high temperatures for PNIPAm/hectorite hydrogels, due to the coil-globule transition of PNIPAm
chains at 32 ◦C [110]. This shows that self-healing is dependent on the composition of the hydrogels,
which needs to be considered in the development of nanocomposite hydrogels.
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Figure 8. Tensile mechanical properties of self-healed PDMAm/synthetic hectorite nanocomposite
hydrogels (D-NCn, where n indicates increasing concentration of hectorite) shown in Figure 7. (a)
Stress-strain curves of the original and the self-healed gels before (dashed lines) and after (solid
lines) cutting. (b) Effects of self-healing conditions (time and temperature) on the recovery of tensile
strength of self-healed gels. Reprinted with permission from Haraguchi, K.; Uyama, K.; Tanimoto, H.
Self-healing in Nanocomposite Hydrogels Macromolecular Rapid Communications 2011, 32, 1253–1258.
Copyright (2011) John Wiley and Sons.

The ability of the gels to self-heal decreases with an increasing concentration of clay NPs
(CClay) [110]. In gels with very high CClay, self-healing becomes very difficult due to the short lengths
of the chains bridging the NPs [110]. However, if the length of the polymer chain bridging two NPs
is too large, the healing time increases, since the free ends of the polymer chains need a longer time
to diffuse and find another NP [125]. Self-healing did not only reestablish the tensile strength after
contact for a short duration, but it was also long lasting. It could also be achieved after a relatively
long waiting time after the cut, particularly for gels with long polymer chains, since long chains at the
cut surfaces have a lower probability of interacting with the clay NPs within the same surface [110].
However, if the chains are short enough to bind to the same surface, the cut surfaces only adhere when
they are freshly cut [68].

Nejadnik and co-authors [74] showed that self-healing does not only occur in synthetic hydrogels,
but also in gels consisting of bisphosphonated hyaluronan (HABP) and calcium phosphate (CaP)
NPs. In their work, it was reported that the HABP/CaP hydrogel displayed fast self-healing behavior,
with the joining of two cut surfaces occurring in less than 5 s [74]. The healing occurred, as in other
nanocomposite hydrogels, because the interactions between the CaP NPs and grafted bisphosphonate
groups of hyaluronan are non-covalent and can thus be restored within a limited contact duration. The
rapid nature of the self-healing process was attributed to the fact that the interactions (not discussed)
were stronger than other less specific non-covalent interactions in other nanocomposite hydrogels [74].

Interestingly, nanocomposite hydrogels with different compositions could be combined by cutting
and healing. By joining the cut surfaces of two different gels at ambient temperatures, the two gels
could be combined and did not detach with alternating swelling and de-swelling treatments [110].

To summarize, it is possible for nanocomposite hydrogels consisting of long-chained polymers
and inorganic NPs to show self-healing behavior. When cut, the polymers at a surface are able to diffuse
into the network of the other surface and form new bonds with the NPs there. Because these bonds are
non-covalent, they are easily formed and broken, which is essential for the self-healing process.
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5.2. Adhesive Materials

Another novel functionality of nanocomposite hydrogels is related to (a few) reports on the
adhesion of plastic, glass, and tissue induced by hydrogels of particular compositions [130]. It is
suggested that the non-covalent interactions between the NPs and polymer chains are responsible
for the adhesion and, since these can be broken and reformed autonomously, adhesion can also
be reversible [130]. Wu and co-authors [131] showed that nanocomposite hydrogels consisting of
poly(ethylene glycol) and synthetic silica Laponite platelets have improved adhesion properties
compared to hydrogels without the Laponite NPs. The improved adhesion was attributed to the
increased flexibility of the nanocomposite hydrogels, which leads to better stress dissipation [131].
Furthermore, the adhesive strength is largest for lower NP concentrations, and it decreases as
the cross-linking density increases. A study by Gahawar et al. [132] showed similar results, with
poly(ethylene glycol) and Laponite nanocomposite hydrogels showing the ability to adhere to
osteoblast cells. This demonstrates that nanocomposite hydrogels could be used for a wide range
of biomedical applications, especially in the field of wound closure [132]. Unfortunately, Laponite
platelets have been shown to be cytotoxic, even at low concentrations [133], suggesting that they are
not biocompatible as of yet.

5.3. Nanoparticles for Gluing Hydrogels

Conventional adhesives often consist of polymers, since they both dissipate energy under stress
and are flexible enough to establish good contact between surfaces. However, it is difficult to glue
together hydrogels using polymers, which makes the assembly of gels or tissues very challenging.
Inspired by the mechanism of nanocomposite hydrogel formation, Rose and co-authors glued PDMAm
hydrogels and liver tissue using silica NPs, in a process named (nano)bridging, where NPs can adsorb
to the polymer network or macromolecules in the tissue and act as connectors between the two
surfaces [67,73]. If the NPs have diameters comparable to the network mesh size, multiple polymer
chains can be absorbed to the same particle, creating an adhesive layer, with the polymers in the gel
acting as bridges between NPs. When the adhesion site is strained, some monomers detach from
the NPs, thus releasing the tension. These detached segments can easily reattach, or a neighboring
strand can be adsorbed to replace the detached segments. This effect leads to an adhesive junction that
can withstand high tensions without fracturing. In fact, the adhesion site was stronger than the gel
network itself, so fracturing did not occur at the adhesion site [67].

The position of the NP between the two gels or tissues is found to be dependent on elastic and
capillary forces, which in turn varies with NP size and the rigidity of the gel or tissue [72]. It is
suggested, using a combination of molecular dynamics simulations and theoretical calculations, that
nanobridging is enhanced when using large NPs on hard gels. More specifically, the size of the NPs
should be large enough to avoid penetration into the network and diffusion from the interface [72].

5.4. Hydrogels for Improved Nanoparticle Performance

Many of the applications of nanocomposite hydrogels are based on the improved functionalities
of the hydrogels due to the presence of the NPs. However, some recent studies have instead explored
hydrogels as a mean to improve the properties and functionalities of NPs. Of special interest here are
the ultrathin 2D nanomaterials, NSs.

As recently reviewed [61], the discovery of mechanically exfoliated graphene [90] has led
to an enormous research effort in the fields of condensed matter physics, material science, and
nanotechnology, fueled by the exceptional properties of these 2D nanomaterials. One of the
characteristics that makes these materials unique, the very large specific surface area, makes them
attractive to applications in catalysis and sensing. A challenge that is often faced in these systems
is NSs aggregation and poor solution stability, induced by the relatively strong van der Waals

306



Polymers 2019, 11, 275

interactions between the NSs. In fact, these forces have been explored for the assembly of van der Waals
heterostructures, where NSs with different compositions are layered to form novel materials [134,135].

When used as fillers, the poor solution stability of the nanomaterials will affect the mechanical
performance of the hydrogels, as discussed above. When the application is related to the large surface
area of the materials, which is especially appealing in applications within catalysis and sensing, the
aggregation of the NSs will necessarily result in a decrease in the efficiency of the system. We will
here mention work performed with g-CN as an illustrative example. The g-CN group of materials
has gathered significant interest in the past years due to its photocatalytic activity in the visible
range. Besides its good light harvesting and catalytic properties, g-CN is relatively easy and cheap to
synthesize, and much research has been conducted for tuning the properties of this class of materials.
The two-dimensional structure of g-CN facilitates the hybridization with other components, e.g.,
graphene, and other modifications such as metal doping and sensitization with organic dyes have
been attempted, according to the desired application [136]. g-CNs are particularly appealing for
environmental applications involving air purification, water disinfection and decontamination, and
waste remediation (see ref. [136] and references within). The ideal performance relies on the adsorption
of the hazardous pollutants by the large surface area of the NSs and the photo-degradation of the
pollutant, which allows the reutilization of the photocatalyst. Jiang and co-authors have recently
described the synthesis of a polyaniline/g-CN composite hydrogel for application in organic pollutant
removal [96]. Such a system, as opposed to the more traditional structures of the catalysts (tubes,
sheets, and wires), allows for a larger accessibility of the surface area and concomitant facilitated
adsorption and concentration of the pollutant (methylene blue) into the hydrogel, followed by the in
situ oxidization of the pollutant via photocatalysis. In addition to enhancing the accessibility of the
NSs to the organic dyes, and thus the photocatalytic performance of the NSs, due to the improved
dispersion of the NSs within the polymer network, the separation from the media and reuse of such
photoactive hydrogels should be more easily achieved than the nanometer-sized g-CN material on
its own. Another advantage of using hydrogels as a matrix for NPs dispersion is the possibility
to mold the hydrogels to the shape that best suits a particular application, as demonstrated using
PDMAm/g-CN hydrogel nanocomposites [63]. In the same work, the selectivity of the hydrogel
nanocomposite to different pollutants was tested, with the capture of positively charged dyes being
particularly efficient, due to the negatively charged surface groups of g-CN.

Another interesting example of the applications of hydrogel nanocomposites is found in ref. [88],
where He and co-authors describe the assembly of g-CN into tailored 3D architectures, for broadband
solar wastewater remediation. While the resulting product was an aerogel membrane, thus outside
the scope of this review, the described (woodpile) structures were obtained by 3D printing the g-CN
NSs (building blocks) mixed with sodium alginate, for stabilizing the g-CNs and achieving a good
rheological (shear thinning) behavior for the extrusion (printing) process. Furthermore, after the
printing process, the 3D-printed structures were submerged in a Ca2+ solution to induce the gelation of
the alginate chains and concomitant formation of rigid and robust structures that were, in the last step,
dried to form the aerogels. Thus, the formation of highly ordered g-CN/sodium alginate hydrogel
nanocomposites was an intermediate step in the formation of these promising materials.

While very exciting [137], the field of 2D materials also brings a number of challenges. The poor
stability of NSs in solution and structural decomposition/degradation can potentially be improved
using hydrogels as coatings and/or dispersion medium, as well as hybridization with other materials.
Common to other mentioned nanomaterials is the challenging task of synthesising materials with the
criteria required for industry and commercialization, in terms of production yield, quantity, and quality.
This is especially important in ultrathin 2D nanomaterials, where the physico-chemical properties
highly depend on their structural features.

307



Polymers 2019, 11, 275

6. Nanoparticles as Tools for Studying and Monitoring Hydrogel Properties

In addition to functionalities in modulating the connectivity of the polymer part of hydrogels,
including NPs in hydrogels can also be used as a means to monitor their properties. Thus, the
combination of particularities of the NPs and observation by various means, mainly optical, provides
information on changes in equilibrium swelling, local deformation, and elasticity. These approaches
require careful selection of the properties and concentration of the NPs to support the selected
observation method.

6.1. Crystalline Colloidal Arrays in Hydrogels

Firstly, monitoring changes in the swelling volume, based on Bragg’s diffraction principle from
a lattice of embedded NPs (Figure 9a), requires the inclusion of the NPs in the polymer network
with a lattice-like organization. In addition to the crystalline colloid (NP) array (CCA) considered
here, inverse opal assemblies and holograms can also be embedded in hydrogels for monitoring their
properties [22,138]. The formation of NP arrays embedded in hydrogels to form a sufficiently regular
3D pattern for the Bragg diffraction, exploits electrostatic driven, inter-particle (repulsive) interactions
between monodisperse, equally charged NPs. At a sufficiently large concentration, these types of
particles adopt periodic nanostructures suitable for characterization by diffraction. The nature of the
NPs and the concentration offer a handle to control the particular lattice type, e.g., body centered cubic
(BCC) crystals are reported to be favorable using small NPs (diameter < 80 nm) at low concentrations
(<3%), whereas face centered cubic lattices are the more prevalent minimum energy organization for
larger NPs (diameter > 100 nm) in more concentrated dispersions (>8%), as recently summarized [22].
The integration of the NP lattice in the hydrogel can be realized using procedures as outlined above.

 

Figure 9. Integration of NP to aid characterization capability of the hydrogels by colloidal crystals
embedded in hydrogels. (a) The change in the refracted wavelength from 3D crystalline colloidal arrays
embedded in hydrogels yields a shift in color when the hydrogel changes its equilibrium swelling
state due to various stimuli and molecular details of the responsive network component. Adapted
with permission from Cai, Z., et al. Two-Dimensional Photonic Crystal Chemical and Biomolecular
Sensors. Analytical Chemistry 2015, 87, 5013–5025. Copyright (2015) American Chemical Society. (b)
Changes in diffracted wavelength from a 2D-colloidal crystal mannose hydrogel of AAm, AAc, and
mannose side chains as a function of Con A concentration in 0.1 M NaCl aqueous solutions that contain
1 mM Ca2+ and 0.5 mM Mn2+. (c) Calculated colloidal particle spacing for the same 2D colloidal
crystal mannose hydrogel as in panel (b) versus the concentration of Con A, Ricinus communis, and
BSA. Adapted with permission from Zhang, J.-T., et al. Two-Dimensional Photonic Crystal Sensors for
Visual Detection of Lectin Concanavalin A. Analytical Chemistry 2014, 86, 9036–9041. Copyright (2014)
American Chemical Society.
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Provided that periodic nanostructures can be realized in the hydrogels, the reflected wavelength
from periodically ordered colloids within hydrogels displays a maximum, as obtained from combining
the well-known relations of Bragg’s and Snell’s law [139]:

λmax = 1.633
(

D
m

)(
V
V0

)1/3√
na2 − sin2 θ (3)

where D is the diameter of the embedded NP, m is the order of the Bragg diffraction, and (V/V0)
is the volumetric swelling ratio of the hydrogel. The refractive index na in this equation refers to
the average of the NP—hydrogel system. This approach provides a quantitative relation between a
spectroscopically determined parameter and the extent of swelling as governed by the thermodynamics
of the specimen for the actual environmental conditions, as can be deduced from Equation (1).

The application of hydrogel-integrated CCA for the determination of analyte concentration
through its effect on the swelling state, and determined based on diffraction from the CCA part, can be
grouped into the size of the analyte, e.g., ions, molecules, and macromolecules. CCA embedded in
hydrogels for the detection of ions includes, e.g., Pb2+ [140–142], Hg2+ [142,143], and Cd2+ [144], which
are all examples motivated by the need for the detection of toxic concentrations of heavy metal ions. In
addition to the CCA part facilitating the readout process, the hydrogel constructs also need to include
recognition moieties with high selectivity and sensitivity to support detection in an interesting analyte
concentration range. Concerning the sensitivity and selectivity of the molecular groups incorporated
into the hydrogel networks, it is interesting to compare the work by Jana and co-workers [143]
exploiting the mercury inhibition of immobilized urease as the recognition and transducing principle
with the work by Ye and co-workers [142] that uses an aptamer sequence recognizing mercury. In
the former, the authors exploit the de-swelling of a partly anionic polyacrylamide network with the
immobilized urease in the presence of urea, with the mechanism of de-swelling being the charge
screening of the anionic network due to the product of the enzymatic degradation of urea, ions HCO3

−,
and NH4

+. The presence of mercury inhibits the catalytic activity of the enzyme, thus displaying a
smaller de-swelling effect. For a NP–hydrogel CCA composite including 360 μmol/mL urease and
0.3 mol/mL carboxylate groups within the hydrogel, a sensitivity of 1 ppb mercury in water was
reported, which is below the maximum contamination level stated by EPA, USA, for safe drinking
water [23]. Jana and co-workers obtained a similar sensitivity in the recorded wavelength shift for the
Hg2+ induced swelling (as low as 10 nM) for the aptamer grafted hydrogel. Moreover, they reported
that the response was highly selective for Hg2+ as compared to other possible ions, among which data
were provided for Pb2+, Ag+, Mn2+, Zn2+, Mg2+, Ca2+, Al3+, Ba2+, Fe3+, Cu2+, and Cr3+. In addition to
the aptamer and enzyme strategy, the incorporation of crown ethers in the CCA embedded hydrogels
is a widely adopted strategy. This was introduced in the early work of CCA embedded hydrogels by
Asher by exploiting a crown ether (4-acryloylaminobenzo-18-crown-6 (AAB18C6)) sensitive to lead,
barium, and potassium. The binding of the various ions with specific affinity transforms the crown
ether to a charged group, thus inducing swelling of the hydrogel construct. The ionic selectivity and
specificity of the crown ethers then underpin the similar properties of the CCA embedded hydrogel
swelling properties. The recent review by Lowe and co-workers [23] and references therein provide
a more extensive summary of crown ethers and their ionic selectivity as employed as recognition
moieties in responsive hydrogels combined with optical readout strategies.

Shifting from CCA hydrogel composites sensitive to ions to materials being able to recognize
small molecules, we again find various strategies being employed that integrate and transform the
recognition and further processing to a swelling effect readily recorded as shifts in the reflection.
Examples of molecules being detected by this approach include, e.g., glucose [145,146], urea [147],
ethanol [148], creatinine [149], or ammonia [150]. For glucose, phenylboronic acid (PBA) groups are
introduced in the hydrogel network and the CCA embedded hydrogel becomes sensitive to this analyte
(and other bearing cis-hydroxyls) in a concentration-dependent manner. Asher demonstrated that this
system diffracted light in the visible range, thus ensuring a visible perception of changes in glucose
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concentrations. A simple observation of a color change in the mirror, provided that such functional
material is embedded in a contact lens, and comparison to a color scale calibrated in blood sugar
level, is suggested to be beneficial for the health of diabetic patients [145,151]. Later work in this field
also includes the improvement of glucose selectivity in the recognition process by modification of the
original recognition moiety [146]. While the recognition of glucose induces changes in the swelling of
the hydrogel component either by a cross-linking or χ-parameter change of the hydrogel, the specific
swelling response to other small molecules can either exploit the same principles, or expand these to,
for example, enzymatic or ionic stimuli [22,138].

For CCA embedded in hydrogels designed for the recognition of macromolecules based on, e.g.,
complementarity in the ssDNA sequence [152], biotin [153], or proteins [154], these groups of materials
additionally need to consider transport of the analyte more explicitly compared to the constructs
directed towards the smaller analytes. This is due to the general issue on the impact of polymer
networks structure (mesh size) on the transport properties of the analytes [155]. Reducing the potential
impact of constraining the analyte transport, e.g., by increasing the water content, can inversely affect
the mechanical stability of the composite. In the report by Asher and co-workers [154], the reduction in
the diffracted wavelength due to reduced proximity between the colloidal particles in the presence of
ConA (Figure 9b,c) is driven by the multifunctional binding of mannose to the Con A, thus deswelling
the hydrogel in a Con A concentration-dependent manner.

Most of the studies employing CCA within hydrogels explore these constructs as a recognition
and transducing element where the hydrogel hosts the recognition functionality by the integration
of various functional groups and the transducing principle is based on the associated changes in the
equilibrium swelling. The CCA part is embedded to facilitate an optical readout, and also to offer
the means for direct perception of changes by the human eye. The approaches mostly focus on the
direct correlation between the analyte concentrations and the change in the peak of the wavelength.
However, the distribution of the wavelength of the reflected light appears to be much less explored as
a basis for understanding hydrogels.

6.2. Traction Force Microscopy

While observations of the positional changes within the CCA array embedded in hydrogels are
based on the collective behavior of the assumed homogeneous changes in the swelling volume within
the illuminated domain, embedding NPs at a lower concentration combined with scattering or optical
imaging and subsequent image analysis offer alternative means for the characterization of hydrogels.
The image analysis strategy typically establishes trajectories of the embedded particles within the
hydrogels, by the simultaneous monitoring of many particles. The incorporation of fluorescent
beads facilitates the determination of local deformation of the elastic matrix by connecting sequential
positions of the beads from time laps imaging. This information is also conventionally converted to
stress fields based on the calibrated elastic modulus of the hydrogel matrix (assuming homogeneous
mechanical properties). This group of observations is mostly applied to hydrogels at an equilibrated
cross-link density. Typically, the hydrogels are subjected to an applied force, and the approach provides
maps of deformation and rate of deformation of the hydrogels. Here, the NP concentration is generally
much lower than for the CCA approach, since the initial regular (lattice) organization is not required.
Instead, the requirement is that the concentration of the NPs is sufficiently low to allow unique
identification of the trajectory of the individual particles between subsequent images.

In an early example of such a strategy by Dembo and Wang [156], fluorescent latex beads (200 nm)
were included at the volume ratio 1:125 relative to a stock solution of 10 wt % acrylamide (AAm)
pre-gel used to prepare a covalent anchored AAm gel to a glass surface. The AAm thin film was
surface functionalized with collagen or fibronectin [157] and used for determination of deformation as
induced by fibroblasts adhering and locomoting on the AAm substrate. The approach enabled the
identification of a suggested frontal towing action of the migrating cell, as deduced from changes in
traction forces recorded by the deformed substrate preceding observed changes in the direction of
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the migration. Following this, and earlier reports on the balancing force exerted by a biological
entity on an elastic surface [158], the approach of mapping localized positions/forces within a
hydrogel include, e.g., characterization in three dimensions [159–161] and characterization using
super-resolution optical microscopy to reveal dimensional changes at a 50 nm resolution [157,162].
Colin-York and coworkers described the steps involved in realizing high resolution traction force
mapping by combining image processing of STED micrographs of a mechanically calibrated hydrogel
with embedded nanoparticles [157] (Figure 10). Adherent HeLa cells with fluorescently labelled
components in the focal adhesion points (paxillin-EGFP) were grown on a fibronectin coated AAm
hydrogel with an elastic modulus of 40 kPa. Analysis of the displacement of embedded fluorescent
nanoparticles following the release of the cell anchoring, and thereby the force exerted from the cells on
the AAm using methods analogous to particle imaging velocimetry, yields maps of the traction force
exerted on the matrix (Figure 10d). The use of STED for the imaging process yields better resolved
force maps as compared to the application of conventional confocal imaging. Another recent example
is the detailed mapping of human mesenchymal cells inducing local degradation of a 3D network
comprised of PEG, including peptide segments susceptible to cell secreted matrix metalloproteinases
(MMPs) [163]. The deformation and stress fields in this case displayed a combination of localized
stress/deformation changes due to both the displacement of network parts and the cutting of elastically
active network chains.

Figure 10. Illustration of traction force microscopy as realized by integrating fluorescent NPs in an
elastic matrix (polyacrylamide) and spatio-temporally monitoring their position using either confocal
or high resolution (stimulated emission depletion) microscopy to map out deformation and local forces
exerted by growing cells on the substrate (a) and the process illustrated to map the traction magnitude
exerted by growing HeLa cells on an acrylamide gel (b–d) using STED-Traction Force Microscopy
(STFM). The change in the location of the embedded nanoparticles due to the release of traction from
the HeLa cells (c) and calculated map of traction magnitude on the hydrogel (d) over the same region
of interest as shown in (b). The scale bar is 2 μm (b–d). The paxillin in the focal adhesion points of
HeLa was labelled with EGFP and 40 nm red fluorescent beads were embedded in the AAm hydrogel
(b). STED imaging of the positions of the fluorescent beads embedded in the gel under the cell shifted
from before (cyan) to after (magenta) treatment with trypsin-EDTA to relax the traction force (c) and
used as a basis for the analysis of the traction force (d). Adapted with permission from Colin-York,
H., Eggeling, C.; Fritzsche, M. Dissection of mechanical force in living cells by super-resolved traction
force microscopy. Nature Protocols 2017, 12, 783–796. Copyright (2017) Springer Nature.

6.3. Micro-Rheology

From a hydrogel material perspective, traction force microscopy is devoted to exploitation of the
linear, equilibrium elastic properties of the matrices. At variance, NPs embedded in viscoelastic media
have, for a long time, been supporting the determination of micro-rheological properties over frequency
ranges that, in many cases, also extend the range easily accessible by macro-rheology [164–167]. There
is a range of micro-rheological approaches available, and generally one can group them into passive
micro-rheology, where the determination of movement of NPs due to thermal energy forms the basis
for extraction of the (localized) rheological moduli, or active micro-rheology, where the probe is
actively driven by some external field coupling to the NP, e.g., optical trapping [168,169]. Despite the
advocated strongholds of micro-rheology in terms of, e.g., extended frequency range accessible and
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small sample volume requirements, the main body of applications appears to be within viscoelastic
materials possessing terminal relaxations and not that extensively in, e.g., hydrogels displaying
(apparent) equilibrium elastic properties on a time scale extending beyond minutes. A couple of
examples include the reported nearly frequency-independent complex modulus of AAm hydrogels
in the frequency range ω from 0.1 to 100 s−1 for polymer concentrations from 10 to 5 wt %, while a
stronger frequency dependence was observed below 4 wt % AAm [164] (Figure 11). These features
were deduced from data collected in the single scattering limit. Examples of data obtained using this
strategy (Figure 11b) illustrate reasonable agreement with bulk rheology data and that data can be
collected over an extended frequency range, e.g., exceeding six orders of magnitude, thus providing
mechanical spectra with regions containing signatures of various dominating relaxations. Moreover,
the small volume requirements for the scattering-based approach as compared to bulk rheology are
considered an advantage.

.
Figure 11. Dynamic light scattering of NPs embedded in hydrogels conducted in backscattering
model records information related to the Brownian motion of the NP (a), which is further processed
to extract rheological signatures of the polymer network. Comparison between micro-rheology data
deduced from backscattering mode (micro-rheology) and conventional macroscopic rheology (macro)
on cross-linked AAm hydrogels with mass concentrations from 3% to 10% (b). The rheological data
are presented as the magnitude of the complex shear modulus versus the angular frequency, |G*(ω)|.
Reprinted with permission from Krajina, B., et al., Dynamic Light Scattering Microrheology Reveals
Multiscale Viscoelasticity of Polymer Gels and Precious Biological Materials. ACS Central Science, 2017.
3(12): p. 1294–1303. Copyright (2017) American Chemical Society.

7. General Comments and Outlook

Some disadvantages of NP-hydrogel nanocomposites have been pointed out throughout the text,
but we will revise them here while pointing out other drawbacks and challenges, as well as an outlook
for further developments.

Despite the large interest and potential novel applications of this class of materials, NP-hydrogel
nanocomposites still face some challenges before they can be used in real applications. One such
challenge is the synthesis of the materials with the criteria required for industry and commercialization.
This entails different levels of fabrication, ranging from the synthesis of the nanomaterials and
hydrogels to the assembly of the nanocomposites, which also depends on the chosen route for the
nanocomposite synthesis. As mentioned, the properties of nanomaterials, particularly the ultrathin 2D
NSs, are strongly dependent on the physico-chemical properties of their structural features and the
control of such properties for the relatively large-scale synthesis that is required for commercialization
is challenging. The controlled preparation of the composites, namely the homogeneous distribution
of NPs and NSs in hydrogels (currently achieved by resorting to electrostatics), constitutes another
challenge, as well as the formation of anisotropic nanocomposites with controlled structures, or simply
the synthesis of micro-gel composites with a defined size and a good batch-to-batch reproducibility.
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Regarding the latter, flow chemistry, where reactions are performed in channels in a continuous stream
rather than in a flask, arises as a promising tool for improving the synthesis of such materials [170].
Regarding macroscopic hydrogel composites, processing techniques such as 3D printing should
provide good opportunities for developing hydrogel composites with controlled structures either as
final materials or as intermediate steps in the production of aerogels.

The large availability of materials (both polymers and nanomaterials) dictates that the number
of possible combinations is enormous, as can be testified by the large amount of publications in the
last couple of decades. In many of these, the components are mixed in different proportions and,
generally, the mechanical properties of the final material are tested. There is often a lack of discussion
on the mechanisms involved in the formation of the hydrogel composite materials and the reason for
the improved (or not) mechanical properties. A better understanding of the interactions at play will
allow the design of nanocomposite hydrogels with the best properties for the particular applications,
whether that entails a more efficient incorporation of the NPs, a better mechanical performance, and a
long-term stability of the nanocomposite material; the hydrophilic/hydrophobic nature of the material
for improved drug loading capacity and controlled release; or the precise control of shape variations
induced by external stimuli, to name a few. Furthermore, the need for optimization of the material
for a specific function offers further opportunities for the development of yet new nanomaterials and
polymers that can be combined in a range of exciting possibilities. It is thus fundamental to develop
new and/or improve existing multi length-scale methodologies for predicting the properties of the
materials based on the individual components, as a guide for experimental development. This would
allow a more efficient design of materials. Just recently, Lamberti, Barba and coworkers [171] provided
an overview of the coupling between solvent diffusion, viscous relaxation time, and a so-called process
time, and based on the ranking and differences in these, classified the typical dominant dynamic
behavior of hydrogels in terms of viscoelastic and poro-elastic relaxation. Inclusion of NP into the
hydrogel can be expected to offer an additional strategy to the network parameters of the hydrogels to
tailor-make the dynamic properties of NP-hydrogel composites, which so far, have not been widely
explored. Inclusion of high aspect ratio NP in this context may potentially provide strategies for soft
materials design with anisotropic dynamic properties.

Another practical aspect to consider when looking into NP-hydrogel composite materials for
particular applications is their stability in time regarding durability and fatigue behavior. As reviewed
by Creton [18], this is a topic that is seldom discussed within the field of hydrogels, and while the
presence of nanomaterials has the potential to improve these properties, these need to be properly
assessed. Furthermore, the leaching of nanomaterial from the nanocomposite with time will likely
affect the stability and performance of the material, and may also induce environmental toxicity.
This may also be the case during the manufacture and disposal of the nanocomposite materials. The
cytotoxicity of the material is another practical concern that currently limits the application of such
materials in biomedicine and biomimetic materials.

The continuous development of new techniques will allow a better quantitative and predictive
knowledge of these materials and the opening of novel and exciting applications.

8. Conclusions

NP–hydrogel systems have received much interest in the past decades, fueled by recent suggested
applications. Several different ways have been proposed to synthesize nanocomposite hydrogels,
ranging from adding NPs to existing hydrogel networks to simultaneously synthesizing NPs and
hydrogel in a one pot reaction. It is also possible to coat the NPs with nanogels, which have been
explored for, for example, drug delivery applications.

The formation of nanocomposite hydrogels relies on non-covalent attractive interactions between
the NPs and the macromolecule network. Thus, an understanding of the intermolecular interactions at
play between the surface of the NPs and the macromolecular network is of paramount importance in
the development of systems with desirable qualities. The interactions between NPs and polymers can
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be electrostatic (if charged groups are present) or based on van der Waals forces. The hydrophobic
effect may play a significant role in the adsorption of polymers to surfaces, if the monomers are, e.g.,
methylated. Many studies suggest that hydrogen bonding is the driving force for association, but this
might not be very relevant for hydrogels in water.

The individual interactions between NPs and monomers do not necessarily have to be very strong,
but the large number of interaction points can lead to a strong adhesion. Due to the non-covalent nature
of the interaction between the polymers and NPs, nanocomposite hydrogels can exhibit self-healing
abilities, where fractures or cuts can be healed autonomously by reforming bonds across surfaces.
Following this same principle, NPs can be used to glue two hydrogels by forming bonds with the
polymers in each network and thus bridging the two surfaces. Furthermore, tension and stress can
more easily be dissipated, as the non-covalent bonds can break and reform when strained. Therefore,
many nanocomposite hydrogels have superior mechanical properties in comparison to pure hydrogels.
Taking the opposite perspective, hydrogels have been used to disperse NSs in aqueous solution and
to aid the assembly of aerogels with defined 3D structures and photocatalytic activity. This, in turn,
increases the accessibility of the large specific surface area of the 2D materials to diverse solutes,
thus improving the performance of the nanomaterial. Overall, the composition and characteristics of
both NPs/NSs and polymers are important parameters in the synthesis, physico-chemical properties,
and application potential of nanocomposite hydrogels. While there is a large number of available
polymers and nanomaterials, and the potential to prepare many more, there is a need for accompanying
theoretical and modelling studies, as well as the development of new experimental techniques, for
a multiscale characterization of the material and a quantitative and predictive understanding of the
structure and behavior. This will hopefully contribute to more efficient synthesis processes with better
control of the final product and the concomitant expansion of possible applications.

NPs incorporated in hydrogel networks can be used as tools for monitoring hydrogel properties.
For example, swelling equilibrium can be monitored by following Bragg’s diffraction from a lattice of
embedded NPs arrays. Also, traction force microscopy can give insight into the forces generated by
living matter through mapping of the local response of adherent NP-hydrogel composites. The latter
strategy affords the characterization of localized forces, primarily in adhesion processes, that are very
challenging to determine using alternative strategies.
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