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Preface to ”Processing-Structure-Properties

Relationships in Polymers”

The extraordinary capacity of plastics to modify their properties according to a particular

structure could be a difficulty, but also an opportunity, and it is one of the keys to the success of

this class of materials. The same polymer can be transparent or opaque, rigid or flexible, permeable

or impermeable, according to the spatial organization of its macromolecules or of a particular filler.

Obviously, the key to taking profit of this peculiar capacity of plastics relies on our capacity of

inducing, by means of a suitable processing, that specific spatial organization. This collection of

research and review papers is aimed at depicting the state of the art on the possible correlations

between processing variables, obtained structure and the special property, which this structure

induces on the plastic part.

Roberto Pantani

Special Issue Editor
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Structure–Properties Relations for Polyamide 6, Part 1:
Influence of the Thermal History during Compression
Moulding on Deformation and Failure Kinetics
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Abstract: The deformation and failure kinetics of polyamide 6 samples prepared by several thermal
histories were investigated by tests at different temperatures and relative humidities. PA6 samples
were produced in quiescent condition and multiple cooling procedure. A characterization was
performed to investigate the effect of the different thermal histories and the effect of hydration
on both structures and glass transition temperature. The mechanical properties were investigated
by tensile and creep tests at different temperatures and relative humidity. In order to describe
the experimental results, the Ree–Eyring equation, modified with the “apparent temperature”,
was employed. In addition, the results of time-to-failure (creep tests) were described by the use of the
“critical strain” concept. Eventually, a link between the Eyring theory and the structure evolution was
made, i.e., a relation between the rate factors and the average lamellar thickness.

Keywords: polyamide 6; compression molding; polymorphism

1. Introduction

The processing of polymer products is a widely discussed topic in polymer science.
The solidification procedure is a crucial element in processing because of its influence on the structures
which often affect the product performance. The mechanical properties of polymers are often correlated
to their yield stress. Yield stress is defined as the stress at which the material deforms mainly plastically.
In the case of glassy polymers, the solidification procedure affects mainly the thermodynamic state,
i.e., ageing; it was found that ageing increases as the cooling rate during solidification decreases,
consequently the yield stress increases [1]. The case of semi-crystalline polymers is more complicated;
pressure and cooling rate can affect strongly the material morphology, i.e., crystallinity and lamellar
thickness [2–4]. The influence of morphology (structures) on properties was studied by several
authors [5,6], and most of them concluded that the mechanical properties are highly dependent on
structures. The yield kinetics of i-PP solidified upon different processing was investigated by [7,8];
moreover, the results were described by the use of a model based on the Ree–Eyring equation. It was
found that lamellar thickness (or crystal thickness) is a key parameter in order to model the yield
kinetics of i-PP produced by different processing.

This work focuses mainly on the effect of processing on structures and the relations between
structures and mechanical properties of polyamide 6 (PA6) tested at different temperatures and
different relative humidity. PA6 crystallize, by melt processing, in two forms: (a) α-phase for slow
cooling (Ṫ< ≈8 °C), (b) γ-mesophase for intermediate cooling (≈8 °C < Ṫ < ≈100 °C); in case of
quenching (Ṫ > ≈100 °C), a complete amorphous material can be obtained [9]. PA6 is hydrophilic [10],

Polymers 2018, 10, 710; doi:10.3390/polym10070710 www.mdpi.com/journal/polymers1
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if exposed to a humid environment, it absorbs water. This is due to the polar character of its amide
and carbonyl groups [11]. In dry conditions, the polar groups form hydrogen bonds between the
polymer chains; these H-bonds give high strength to the material [12]. In case of hydration, part
of the H-bonds between chains are broken and new H-bonds are made with the water molecules.
This process, also known as plasticization, enhances the chain mobility and a decrease of glass
transition temperature is obtained [13]. The hydration-induced depression of Tg has a strong impact
on mechanical properties [14–17] as well as crystallographic properties [18].

In this work, the mechanical properties (both tensile and creep test) of polyamide 6 samples
prepared with different thermal histories, and conditioned at different relative humidities,
are investigated. A semi-empirical model, based on the Ree-Eyring equation, was implemented
to predict the yield kinetics and time-to-failure.

2. State-of-the-Art

Observing the yield kinetics (i.e., the yield stress as a function of applied strain rate) of several
semi-crystalline polymers, two different stress-dependences can be seen. These two dependences are
generally attributed to an intra-lamellar deformation mechanism further referred to as processes I
and an inter-lamellar mechanism, further referred to as processes II [19–21]. To describe the rate- and
temperature-dependence of yield stress obtained by tensile test at a constant strain rate, the Eyring’s
activated flow theory [22], modified by Ree–Eyring [23], is used. In this theory, the two deformation
processes are considered as independent and their stress contributions are additive. Consequently,
the yield stress as a function of strain rate and temperature is calculated as follows:

σy(ε̇, T) = kT
V∗I

sinh−1 ( ε̇

ε̇0,I
exp (ΔUI

RT
))+ kT

V∗I I
sinh−1 ( ε̇

ε̇0,I I
exp (ΔUII

RT
)) , (1)

where ε̇0,I , ΔUI and V∗I are rate factor, activation energy and activation volume related to process
I and ε̇0,I I , ΔUII and V∗I I are related to the process II. As mentioned in Section 1, the mechanical
properties of PA6 are strongly dependent on the glass transition which depends on the sample
conditioning, i.e., the hydration level. In fact, PA6 can absorb water, which acts as a plasticizer; in other
words, the absorption of water lowers the glass transition and therefore the mechanical properties.
Thus, in order to include the effect of relative humidity onto the Ree–Eyring equation, the “apparent”
temperature was introduced. This temperature, as explained in [24], is based on the principle that a
humidity-induced reduction in glass transition temperature is subsequently regarded as an “apparent”
increase in the ambient temperature. Consequently, we express this concept as follows:

T̃ = T + (Tg,dry − Tg,wet), (2)

where T is the actual experimental temperature, Tg,dry is the glass transition temperature at the dry
state and Tg,wet is the Tg after conditioning. Subsequently, Equation (1) is rewritten:

σy(ε̇, T̃) = kT̃
V∗I

sinh−1 ( ε̇

ε̇0,I
exp (ΔUI

RT̃
))+ kT̃

V∗I I
sinh−1 ( ε̇

ε̇0,I I
exp (ΔUII

RT̃
)) . (3)

Observing a creep test, i.e., a test with a constant applied load, three regimes can be found:
(i) the primary creep in which the plastic flow rate decreases in time, (ii) the secondary creep where
plastic flow rate is constant in time and (iii) the tertiary creep where plastic flow rate increases in time
and finally failure occurs. Plotting, in a log–log scale plot, the plastic flow rate (ε̇pl) of the secondary
regime as a function of time-to-failure, a linear trend with slope of −1 is found. This observation held
for several polymers tested at different temperatures [25] and also different relative humidity [24].
Thus, the following relation is written:

2
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ε̇pl(σ)⋅t f (σ) = C, (4)

where ε̇pl is the plastic flow rate in the secondary creep regime, t f is the time-to-failure, σ is the applied
stress and C is the constant (−1). It was observed that the steady state reached by test at constant
strain rate (i.e., yield stress) and the steady state achieved by test at constant load are identical [26].
Eventually, the relation between the strain rate dependence of yield stress and the load dependence of
time-to-failure is described by the critical strain concept [27,28]:

t f (σ, T) = εcr

ε̇pl(σ, T), (5)

where εcr is the critical strain that can be related to the amount of plastic deformation that the material
would accumulate in the case in which the ε̇pl was constant all along the creep test.

3. Experimental

3.1. Materials

The material employed in this work was a polyamide 6 (Akulon K122) kindly provided by DSM
((Geleen, The Netherlands). This PA6 has a viscosity-average molar mass (Mv) of about 24.9 kg/mol.

3.2. Sample Preparation

Several different cooling procedures were performed in order to prepare sheets of 0.5 mm thickness
with different structure parameters. After a drying procedure (1 night at 110 °C under vacuum),
the pellets were placed in a “sandwich” consisting of two thick steel plates (about 3 mm), two thin
aluminum foils (about 0.2 mm) and a 250 × 250 × 0.5 mm steel mold. The material was melted at
265 °C for 5 min, while a force of about 10 kN was applied. After this, different cooling procedures
were applied (as summarised in Table 1):

• α-I, the hot press was switched off and the “sandwich” was left inside the hot press over night.
• α-II, the hot press was set to 180 °C, cooling was helped by a moderate flow of water,

the “sandwich” was left inside during cooling and, once the set temperature was reached, it was
removed after 5 min of isothermal.

• α-III, the same procedure of α-I was applied but an α-nucleating agent was added to the
basic grade.

• γ-I, the “sandwich” was rapidly moved to a cold press set at 80 °C where the material was
solidified in quiescent condition for 5 min.

• γ-II, the “sandwich” was rapidly moved to a cold press set at 110 °C where the material was
solidified for 5 min.

• Q-I, the “sandwich” (only thin aluminum foils and mold) was rapidly moved to a bath of water
with ice and salt (NaCl), water temperature around −14 °C.

According to the ISO527 type 1BA, dog-bone samples were prepared using a cutting die
(main measures: width 5 mm, length 22 mm).

Table 1. Cooling protocols.

Sample Method

α-I slow cooled Ṫ ≈ 0.5 °C/s
α-II isothermal at 180 °C
α-III slow cooled Ṫ ≈ 0.5 °C/s—with nucleating agent
γ-I isothermal at 80 °C
γ-II isothermal at 110 °C

3
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3.3. Sample Conditioning

In order to investigate the influence of hydration, the samples were stored at four different relative
humidities, namely RH 0% (dry), RH 35%, RH 50% and RH 75%. For dry conditioning, samples were
stored in a desiccators under vacuum at room temperature; for RH 50%, an environmental chamber
was employed, while, in the case of RH 35% and RH 75%, two desiccators containing supersaturated
salt solutions able to maintain a constant relative humidity in a close environment were employed.
The supersaturated solutions were made of deionized water and two salts: sodium chloride and
magnesium chloride hexahydrate for 75 and 35%, respectively.

3.4. Mechanical Tests

In order to perform uniaxial tensile and creep tests, a Zwick Unviversal Testing Machine
(Ulm, Germany) provided with a 1 kN load-cell was employed. To control temperature and relative
humidity, experiments were performed inside an environmental chamber. The tensile tests were
repeated, at least, two times. Several conditions were investigated: a range of strain rates from 10−5 s−1

up to 3 × 10−2 s−1, temperatures between 23 °C and 120 °C (dry) and relative humidity of 35, 50 and
75% (at 23 °C). A pre-load of 0.1 MPa was applied at a speed of 1 mm/min before each experiment.
Creep was performed at three relative humidities: RH 35%, RH 50%, and RH 75%. The desired load
was applied within 10 s, and kept constant up to failure. The time-to-failure was estimated as the time
at which the strain reaches a fixed strain value of 40%, which was defined as strain at failure.

3.5. X-Ray Diffraction

Wide and small angle X-ray measurements were taken by a Ganesha X-ray instrument
(Copenhagen, Denmark) equipped with a GeniX-Cu ultra low divergence source (Copenhagen,
Denmark) (l = 1.54 Å) and a Pilatus 300 K silicon pixel detector (487 × 619 pixels of 172 × 172 μm2).
After normalization, the crystallinity was estimated by subtracting an amorphous halo (experimentally
obtained) to the measured patterns. The degree of crystallinity is finally calculated by:

χc = Ts − A
Ts

, (6)

where Ts is the total scattered intensity and I is the scattering from the amorphous halo. Moreover,
a deconvolution analysis was performed. This was obtained by fitting Lorentzian functions,
in proximity of each characteristic reflection. Eventually, all the functions and the amorphous halo
were summed to check the fidelity of the fitting routine (green markers in Figure 1). Thus, the relative
quantities χc,α and χc,γ were calculated by the following:

χc,α = (Al − Aγ

Am
) and χc,γ = (Al − Aα

Am
), (7)

where Aα and Aγ are the total area of the Lorentzian functions for the α and γ peaks, Am is the total
area of the measured pattern, and Al is the sum off all the Lorentzian functions (α and γ). An example
is given in Figure 1. As far as the small angle X-ray scattering (SAXS) experiments are concerned,
Lorentz [29] and thermal density fluctuation [30] correction were applied. Thus, the peak position of
the SAXS pattern (d∗) is used to define the long period (lb):

Lb = 2π

d∗
, (8)

which is used to estimate the average lamellar thickness:

lc = χvol ⋅lb, (9)

4
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where lb is the long period and χvol is the volumetric crystallinity, which is defined by the following:

χvol =
χc

ρc
χc

ρc
+ 100− χ

ρa

, (10)

where ρc is the density of the crystal (1.21 g/cm3 for α-phase [31], 1.16 g/cm3 for γ-mesophase [31]),
ρa the density of the amorphous (1.09 g/cm3 [31]) and χ the mass crystallinity.

Figure 1. Example of wide angle x-ray diffraction (WAXD) pattern deconvolution analysis. The green
line is the result of the deconvolution procedure, the orange line is the measured amorphous halo,
and blue and red curves are the Lorentzian functions.

3.6. Dynamical Mechanical Thermal Analysis

Dynamical mechanical thermal analysis (DMTA) was employed to measure the glass transition
temperature. The equipment was a TA instruments Q800 DMA (Asse, Belgium). The samples were
films (rectangular shape) of about 5 mm width, 0.5 mm thickness. The sample were tested at a single
frequency of 1 Hz and a temperature ramp (from −40 °C to 100 °C) with a heating rate of 3 °C/min.
The Tg was defined as the maximum in tan(δ).

4. Results and Discussion

4.1. Samples Characterization

In order to understand the effect of different processing on structures, the first step of this study
was a crystallographic characterization. It was performed by wide angle X-ray diffraction (WAXD)
and small angle X-ray scattering (SAXS) on samples in the dry state. In Figure 2a,b, the integrated
WAXD patterns and the results of deconvolution analysis are shown, respectively.

In Figure 2a, the integrated patterns show that the samples γ-I and γ-I have crystallized in the
γ-form, which is recognizable by the characteristic central peak at around 2θ 21°and the secondary
peak at 2θ 10°; the obtained crystallinity is around 30% and by deconvolution it is possible to state that,
only in the case of γ-II, a small fraction of α-phase is obtained, as shown in Figure 2b. The samples α-I,
α-II and α-III showed the two characteristic peaks of α-phase, at about 2θ 20°and 2θ 24°; the obtained
crystallinity is around 40% in the case of α-III and α-I, while a slightly lower crystallinity (about 35%)
is obtained for α-II. These three α-samples have crystallized in pure α-phase. To estimate the average
lamellar thickness, small angle X-ray were performed on the dry samples. Examples of SAXS pattern

5
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are given in Figure 3a; accordingly to the procedure described in Section 3.5, the average lamellar
thickness is estimated and plotted as a function of crystallinity (see Figure 3b).

In Figure 3a, the integrated patterns are reported, the peak position (red markers) is translated to
the long period by Equation (8). The relationship between Lc and crystallinity is given in Figure 3b;
the average lamellar thickness increases for increasing crystallinity with an asymptotic-like trend.
It is remarked that, as stated in [32], crystallization of γ-mesophase at high under-cooling leads to
the formation of non-lamellar morphology. Therefore, the values of lc for the γ-samples should be
intended as crystal thickness rather than lamellar thickness.

(a) (b)

Figure 2. (a) wide angle X-ray diffraction integrated patterns; (b) deconvolution analysis of all the
investigated samples with different thermal histories (dry state).

(a) (b)

Figure 3. (a) small angle X-ray scattering integrated patterns in dry conditions; (b) lamellar thickness
as a function of crystallinity in dry state. The dashed line is a guide to the eye.

4.2. Mechanical Properties

Next, the study can proceed with the investigation of the mechanical properties. This is initially
done by tensile test at different temperatures, applying a range of strain rates (from 10−4 s−1 up to
3 × 10−2 s−1) and the samples were kept in dry conditions. As a starting point for the mechanical
properties’ investigation, only three cases will be investigated: α-I for the polymorph α, γ-I for the
polymorph γ and Q-I for the complete amorphous material.
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As expected, the stress–strain response increases as the strain rate increases for both α-I and γ-I;
while it decreases as temperature increases (see Figure 4a,b). In the case of α-I at 23 °C, the stress–strain
response shows a very clear double yielding (see Figure 4a). This occurs because the amorphous and
crystalline domains yield at different strains; indeed, the yield at low strain range (about 5–10%) is
regarded as the contribution of amorphous domains, and the yield at higher strain range (about 15–35%)
is considered to be the contributions of crystalline regions. This effect can be simply proven by
observing the effect of temperature (for a fixed strain rate) on the stress–strain response: the first yield,
well visible at room temperature, tend to disappear as temperature increases and clearly disappear
when the temperature is above Tg (see Figure 4a green lines)—notwithstanding, also at temperatures
higher than Tg, the double yielding would occur if very high strain rates were applied. The double
yielding is less visible in the case of γ-I, which is likely due to a smaller contribution of the crystalline
fraction, as demonstrated by the lower value of crystallinity estimated for γ-I (≈30%) compared with
the one of α-I (≈40%). In order to study the yield kinetics, the yield stress is plotted as a function of the
applied strain rate for different temperatures.

(a) (b)

Figure 4. Stress-strain response at different temperatures and a range of strain rates for (a) α-I and
(b) γ-I samples.

In Figure 5a,b, the yield kinetics are shown; in both α-I and γ-I cases, two different strain rate
dependences are observed, as mentioned in Section 2. A steep slope is observed at low temperatures
and (or) high strain rates, while a rather flat one is displayed at high temperatures and (or) low strain
rates. In Figure 6, a schematic decomposition of the two processes is proposed.

(a) (b)

Figure 5. Yield kinetics (yield stress versus strain rate) at different temperatures for the (a) α-I and
(b) γ-I samples. Lines are guides to the eye.
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Figure 6. Example of two processes contributions. Yield stress versus strain rate at 55 °C; the black
dashed lines are the two contributions separated (processes I and II).

In order to describe the yield kinetics obtained experimentally, Equation (1) is used and the
parameters in Tables 2 and 3 were employed.

Table 2. Eyring parameters for α-I.

V∗ [m3] ΔU [J mol−1] ε̇0 [s−1]

I 9e-27 1e6 1e108
I I 6e-27 3.2e5 4e45

Table 3. Eyring parameters for γ-I.

V∗ [m3] ΔU [J mol−1] ε̇0 [s−1]

I 9e-27 1e6 1e122
I I 1.9e-27 3e5 2e45

In Figure 7a,b, it is shown that the model can describe well the results at different temperatures
for both α-I and γ-I. Moreover, it is remarkable that the activation energy and activation volume
employed for process I are the same for both α-I and γ-I. The parameters of process II do not match
between the two different polymorphs; a plausible reason could be found introducing the concept of
amorphous constraint. Looking at the mobility scenario in a semi-crystalline polymer, it is known
that the crystalline regions have the lowest mobility, whereas the amorphous region should have the
highest mobility. However, an elevated presence of crystalline regions may constrain the amorphous
regions, with a consequent decrease of mobility. Thus, a difference in crystallinity may affect also the
state (mobility) of the amorphous regions.

4.3. Influence of Temperature

To obtain a large overview about the effect of temperature on the yield stress, several tensile tests
were performed at 10−2 s−1 and several temperatures were tested (see Figure 8). Observing the results
in Figure 8a, it is possible to notice a clear double yielding behavior at temperature lower than Tg,
while increasing the testing temperature, the first yield (at low strains) tends to disappear. The α-I
samples show a predominantly crystalline contribution to yield, this is due to a high crystallinity index
and a relatively high lamella thickness. Figure 8b shows a very different picture; at low temperature,
yield takes place at low strains (≈5%) and it moves to about 15% strain when the temperature is
increased above 50 °C. Comparing the strain at yield for both α-I and γ-I samples, we observed a very
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similar strain for the yield related to the amorphous domains (about 5%), whereas the contribution of
the crystalline domains takes place at quite a different strain range, ≈15% for γ-I and about 30% for α-I.

(a) (b)

Figure 7. Stress–strain response at different temperatures (ranging from 23 °C to 100 °C) and a range
of strain rate from 10−4 s−1 up to 3 × 10−2 s−1 for (a) α-I and (b) γ-I samples. Lines are the results of
Equation (1).

(a) (b)

Figure 8. Stress-strain response at temperatures in a range from 23 to 120 °C, and strain rate of 10−2 s−1

for (a) α-I and (b) γ-I samples.

Figure 9 shows that α-I, γ-I and Q-I samples have three very different temperature dependencies.
For the green markers, related to Q-I samples, no description (solid line) is provided. In fact, looking
at the trend of yield stress as a function of temperature, three regions are found: (i) at low temperature,
yield stress decreases drastically as temperature increases; (ii) at about 50 °C, the yield stress reaches
a minimum; (iii) after which the material starts cold crystallizing and the yield stress increases and
reaches a plateau up to 120°. The Q-I stress–strain behavior variation is due to an evolution of the
material morphology, which is time- and temperature-dependent. For this reason, the Q-I samples will
be taken out of this study. As far as the blue and red markers (α-I and γ-I, respectively) is concerned,
they show very similar yield stress at 23 °C, but, as temperature increases, γ-I yield stress decrease more
rapidly than α-I. In these two cases, the model is applied: in the case of α-I, the experimental results are
matching the description; in the case of γ-I, the description matches the experimental results up to 90 °C.
After this temperature, the experimental yield stress flattens. As already explained in [24], an evolution
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of crystallinity and/or lamellar thickness takes place at high temperatures; this phenomenon, called
“annealing”, is a time- temperature-activated process, it is governed by an enhancement of mobility
that results in either cold crystallization and (or) lamellar thickening (perfectioning). Hence, higher
crystallinity and (or) lamellar thickness results in an increase of yield stress, as shown in Figure 9.
This effect is not observed in the case of α-I samples. It is hypothesized that “annealing” does not occur
in α-I because of the already very high crystallinity and lamellar thickness obtained during processing.

Figure 9. Yield stress versus testing temperature of samples tested with a strain rate of 10−2 s−1 and
several temperatures. The lines are the results of Equation (1) in which the strain rate is a fixed value
(10−2 s−1) and the temperature is ranging from 23 to 120 °C.

The Ree–Eyring equation is applied with satisfactory results on the dry samples for both
the two polymorphs, and two sets of parameters have been defined for the α-phase and γ-form,
respectively; next, the influence of relative humidity and other thermal histories are investigated
(see Table 1).

4.4. Influence of Humidity

As explained in Section 3.3, the samples were exposed to humid environments (relative humidity
ranging from 35 to 75%) for a period long enough to allow the complete saturation. All the samples were
conditioned at room temperature (23 °C). The absorbed water fraction was calculated by the following:

W% = (Wi −W0

W0
) × 100, (11)

where W0 is the weight of the sample before conditioning and Wi is the weight at the time ti.
The absorbed water fraction is plotted as a function of relative humidity (HR%) (see Figure 10a).

The saturation level is different between the the samples because of a difference in crystallinity;
as mentioned in Section 1, water can be absorbed only by the amorphous regions (because of their
mobility state). In Figure 10b, the measured glass transition temperatures are plotted as functions of
the relative humidity; a monotonic decrease of glass transition temperature is found by increasing
the RH%. The results of the thermal-mechanical characterization, performed by DMTA, are shown in
Figure 11a,b. The details about this technique are given in Section 3.6. Figure 11a shows the results
of DMTA for the samples Q-I, α-I and γ-I after conditioning at different RH%; the markers are the
defined Tgs. The Q-I is presented only in a dry condition because, upon conditioning, it crystallizes and
therefore it changes its state drastically. Figure 12a shows the glass transition temperatures as functions
of absorbed water fractions. At RH 0% (dry condition), all the investigated samples show a maximum
in glass transition temperature; increasing the absorbed water fraction, a monotonic decrease of Tg is
recorded. This is due to the plasticizing effect described in Section 1. Moreover, relying on the fact
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that only the amorphous region can absorb water, the glass transition temperature can be plotted as a
function of normalized water fraction. The normalization is applied as follows:of

Wn% = W%
1− χc

× 100, (12)

where χc is the crystallinity by WAXD and W% is the water fraction estimated experimentally
(see Equation (11)). The results are shown in Figure 12b. As proposed, Tg follows a unique trend if
plotted against a normalized water fraction. All of the Tg are reported in Table 4.

(a) (b)

Figure 10. (a) absorbed water percentage at saturation in environments with different relative humidity
at 23 °C. (b) glass transition temperature versus relative humidity.

(a) (b)

Figure 11. DMTA results, tan(δ) as a function of temperature for samples conditioned at different
humidity; markers are the Tg at (◻) RH 0 %, (◯) RH 35%, (◁) RH 50%, (◇) RH 75%. (a) samples α-I
and γ-I; (b) α-II, α-III and γ-II.

Table 4. Glass transition temperature [°C].

Sample Dry 35 RH% 50 RH% 75 RH%

α-I 72 43 27 12
α-II 68 39 26 9
α-III 73 38 24 8
γ-I 68 41 24 9
γ-II 72 40 25 10
Q-I 53 - - -
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(a) (b)

Figure 12. (a) glass transition temperatures (obtained by DMTA) as functions of the water fraction
absorbed by the samples; (b) glass transition temperatures as functions of the normalized water
fractions (line is a guide to the eye).

As already mentioned in Section 1, the glass transition can drop at temperatures even below room
temperature. In this case, the polymer chains acquire the sufficient mobility needed to cold crystallize
and (or) thickening the pre-existing crystals. The crystallinity can be plotted as a function of relative
humidity for different samples as shown in Figure 13a.

Figure 13a shows that hydration has an actual effect on the crystallographic properties of PA6.
In details, the crystallinity of Q-I samples rapidly increases for increasing relative humidity, γ-samples
show a modest increase of crystallinity and γ-samples show a rather constant crystallinity. In order to
investigate the process of “cold crystallization” taking place in the Q-I samples, the deconvolution
analysis of the WAXD patterns was performed; results are shown in Figure 13b. The samples Q-I,
starting from a completely amorphous material, are exposed to three different relative humidities,
always at room temperature. The lowest RH% (35%) leads to crystallization of γ-form and α-phase
with a balance slightly shifted towards the γ-form; at 50 RH%, the total χc increases and the balance γ-α
is perfectly even; at the highest investigated relative humidity (75%), the crystallinity increases even
further and the balance γ-α is slightly shifted towards the α-phase. In the case of γ-samples, the starting
material is already semi-crystalline with a rather high crystalline index, thus secondary crystallization,
phase transition and (or) lamellar perfectioning (thickening) are expected. In Figure 14a, the results of
deconvolution analysis for γ-I are shown. The χc increases along the whole range of relative humidity,
in particular a slight decrease of γ-form and a substantial increase of α-phase is detected. This effect
can be related to a partial transformation γ to α, followed by a secondary crystallization of α-phase.
In the case of α-I (see Figure 14b), the deconvolution reveals that no transformation takes place and
only the crystallinity seems to increase a little (probably within an experimental error).

(a) (b)

Figure 13. (a) overall crystallinity values as functions of relative humidity (conditioning performed
at 23 °C); (b) evolution of the crystallographic phase contents as functions of relative humidity
(conditioning performed at 23 °C) starting from Q-I (amorphous) sample.
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(a) (b)

Figure 14. Evolution of the crystallographic phase contents as function of relative humidity
(conditioning performed at 23 °C) starting from (a) γ-I and (b) α-I sample.

In order to capture the lamellar thickness evolution upon hydration, SAXS experiments were
performed (as explained in Section 3.5). In Figure 15a, the results of lamellar thickness are proposed as
a function of relative humidity. A similar trend to χc versus RH% are found. The lamellar thickness
of Q-I samples increase quickly with relative humidity; in addition, the lc of γ-samples increases
although less rapidly than the amorphous samples, while the α-samples lamellar thickness are rather
steady. These results can be plotted more intuitively as a function of the “apparent temperature”.
In Figure 15b, the lc are plotted as a function of T̃, in this way, the increase of lc due to hydration can
be easily regarded to a “cold crystallization” or “annealing” process, in which the samples are heated
from the glassy state to a temperature above Tg.

Following this, the samples were tested by tensile test at different relative humidities and a
range of strain rates (10−5 s−1 up to 3 × 10−2 s−1). As it was done for yield kinetics in dry conditions,
the aim is to also describe the results of test at different relative humidities by the Ree–Eyring equation
(see Section 2, Equation (3)) employing the two set of parameters defined for the α-phase and γ-form
(see Tables 2 and 3). Firstly, the model is applied to the samples α-I and γ-I (the results are shown in
Figure 16a,b).

(a) (b)

Figure 15. Lamellar thicknesses as functions of (a) relative humidity and (b) apparent temperature.
All conditioning were performed at 23 °C.
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(a) (b)

Figure 16. (a) yield stress as a function of strain rate for samples conditioned at different relative
humidities, (a) α-I and (b) γ-I Testing temperature set at 23 °C.

It is shown that Equation (3) describes the experimental results obtained at different conditions
for two polymorphs of PA6. As shown in Tables 2 and 3, the parameters employed for the α

and γ polymorph differ mainly in the rate factors and the process II (inter-lamellar deformation).
In Figure 17a,b, the yield kinetics of α-II, α-III and γ-II are shown, respectively. In order to describe these
experimental results, the set of parameters used for α-I was employed for α-II and α-III, whereas the set
used for γ-I was employed γ-II; in both cases, only the rate factors had to be changed. The parameters
employed for these cases are listed in Tables 5–7.

Table 5. Eyring parameters for α-III.

V∗ [m3] ΔU [J mol−1] ε̇0 [s−1]

I 9e-27 1e6 3e112
I I 6e-27 3.2e5 3e48

Table 6. Eyring parameters for α-II.

V∗ [m3] ΔU [J mol−1] ε̇0 [s−1]

I 9e-27 1e6 3e106
I I 6e-27 3.2e5 8e47

Table 7. Eyring parameters for γ-II.

V∗ [m3] ΔU [J mol−1] ε̇0 [s−1]

I 9e-27 1e6 1e123
I I 1.9e-27 3e5 6e45

4.5. Time-to-Failure

Next, the influence of relative humidity on the PA6 lifetime was investigated. Several creep tests
were performed at 23 °C and relative humidity ranging from 35% to 75%. All of the five sample series
were tested at different applied loads. Subsequently, the ε̇pl is estimated by the use of the Sherby–Dorn
plot [33]; where the strain rate is plotted as a function of strain, and the ε̇pl is defined as the minimum
of the obtained curve. Finally, all the ε̇pl are plotted as functions of the corresponding time-to-failure,
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as shown in Figure 18b. As mentioned in Section 2, the data plotted in a log–log graph show a slope
of −1.

(a) (b)

Figure 17. (a) yield stress as a function of strain rate for samples conditioned at different relative
humidity, (a) α-II, α-III and (b) γ-II. Testing temperature set at 23 °C.

By extrapolating to t f = 1 s, the results shown in Figure 18b, the εcr is estimated. Eventually,
to describe the time-to-failure results obtained for the different samples series, the ε̇pl obtained by
the Ree–Eyring equation (Equation (3)) modified to include the influence of relative humidity are
combined with the εcr in Equation (5). In Figure 19a,b, the applied loads are plotted as functions of the
time-to-failure. The lines are the results of Equation (5) and they are related to samples conditioned at
different relative humidities (range from 35–75%) and 23 °C. The lines have the same stress dependence
as the ones shown in Figure 16a,b but the slopes have opposite signs.

Figure 19a,b shows that a satisfactory prediction of time-to-failure is achieved for samples α-I and
γ-I employing the set of parameters reported in Tables 2 and 3 for samples α-I and γ-I, respectively.
By the use of the parameters listed in Tables 5–7, also samples α-II, α-III and γ-II are described by
Equation (5); the results are shown in Figure 20a,b.

(a) (b)

Figure 18. (a) examples of creep tests at constant applied load, the scheme shows the definition of
ε̇pl , εcr and t f ; (b) plastic flow rates as functions of time-to-failure for samples conditioned at RH 50%
and 23 °C.
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(a) (b)

Figure 19. Creep tests for samples conditioned at RH 35%, RH 50%, RH 75% and 23 °C; applied loads
as functions of time-to-failure for (a) α-I and (b) γ-I samples. Lines are the results of Equation (5).

(a) (b)

Figure 20. Creep tests for samples conditioned at RH 35%, RH 50% and RH75 % and 23 °C; applied
loads as functions of time-to-failure for (a) α-II, α-III, (b) γ-I and γ-II samples. Lines are the results of
Equation (5).

4.6. Structure–Properties Relations

For all the investigated PA6 samples, the temperature, relative humidity and stress dependent
deformation kinetics were captured by the Ree–Eyring theory. To apply this theory, the characteristic
parameters were defined, namely the activation volume (V∗), the activation energy (ΔU) and the rate
factors (ε̇0). As explained in Section 4.2, PA6 shows two strain rate dependences that are related to
two deformation mechanisms: an intra-lamellar deformation mechanism (also called process I) and an
inter-lamellar mechanism (also called process II). As shown in Equation (1), each process needs one set
of parameters.

The analysis has led to the conclusion that: (i) for process I, identical activation volume and
activation energy can be used for all of the sample type, a part for the quenched samples whose
structures, as explained in Section 4.3, are very dependent on temperature and relative humidity; (ii) for
process II, V∗ and ΔU are different for the two different polymorphs, i.e., α-phase and γ-mesophase;
(iii) the rate factors were varied for each samples series, for both process I and process II. About the
different V∗ and ΔU determined for the two crystallographic phases in the case of process II, the author
can only hypothesize that the reason might be in the different constriction level of the amorphous
phase. In fact, as proposed in a previous study [24], process II is associated to the deformation of the
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amorphous phase. About the rate factors (ε̇0,I and ε̇0,I I), a rather clear correlation between the lamellar
thickness (lc) was found (see Figure 21a,b).

(a) (b)

Figure 21. (a) rate factor I and (b) rate factor II as functions of lamellar thickness. Lines are guides to
the eye.

Figure 21a shows the relation between the rate factor I and the lamellar thickness; plotting
the logarithm of ε̇0,I as functions of lamellar thickness for both α and γ samples, a linear trend
is found. In the case of ε̇0,I I , two trends are found: one related to the α-samples and one for the
γ-samples (see Figure 21b). Remember that also the V∗ and the ΔU are different for process II,
therefore there is no reason to expect that the trend of ε̇0,I I for alpha matches the one for γ samples.
This relation between the rate factors and the lamellar thickness was also proposed by other authors in
the case of i-PP (isotactic polypropylene) [7,8]. The funding shown in Figure 21a,b are crucial for the
prediction of the deformation kinetics and time-to-failure of PA6 processed with different histories.
It is important to remark that, in the case of “real-life” applications, products are designed to work
upon loads largely below the yield stress, hardly in dry conditions and often at high temperatures.
Thus, the most frequent failure mode would be governed by intra-lamellar deformation, i.e., process I;
consequently, the prediction would be governed by a V∗ and ΔU, which are not dependent on the
crystallographic phase.

5. Conclusions

In this work, the influence of thermal history on the structure of PA6 was investigated in regards
to the mechanical properties (short and long term failure) of samples tested at different temperature
and relative humidity. The investigation has led to several conclusions:

• the thermal history, i.e., the solidification procedure, has a crucial effect on the polymorphism and
subsequently on the stress–strain response. By observing the three extreme cases (α-I, γ-I and Q-I),
differences in stain rate- and temperature-dependence of the stress–strain response were found.
The α-I samples has shown the least dependence on strain rate (see Figure 7a) and temperature
(see Figure 9), while Q-I resulted in the most dependence on strain rate and temperature, and γ-I
has shown a moderate dependence on strain rate and temperature.

• by quenching from the molten state, completely amorphous samples (Q-I) were obtained;
these samples are extremely sensitive to temperature and relative humidity. After heating
a Q-I sample above ≈50 °C, cold crystallization is obtained. Note that this phenomenon is
time-temperature-dependent, therefore according to the temperature and time span of testing,
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different stress–strain response is obtained. In addition, in case of exposition to moisture, cold
crystallization occurs even at relative humidity of 35%.

• the exposition to moisture induced secondary crystallization, thickening of lamella and phase
transformation (γ to α) for the γ-I and γ-II samples (see Figures 14a and 15a).

• the Ree–Eyring equation was successfully applied to describe the yield kinetics of samples α-I
and γ-I. This was possible by employing two set of parameters, with identical V∗ and ΔU for the
process I and different V∗ and ΔU for the process II.

• a modification of the Ree–Eyring equation to include the effect of relative humidity on the glass
transition was applied successfully on all the investigated samples (a part for the quenched ones).
Moreover, by the use of the critical strain concept, the time-to-failure of samples conditioned at
different relative humidity were described.

• a correlation between the rate factors and the lamellar thickness was found. For a given
activation volume and activation energy, the corresponding rate factor is dependent on the
lamellar thickness (lc).

• the effects of relative humidity on the crystallographic properties (i.e., lamellar thickness,
crystallinity and crystal phase) are considered negligible at the scope of description of
mechanical properties.
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Abstract: The effect of processing conditions during injection on the structure formation and
mechanical properties of injection molded polyamide 6 samples was investigated in detail. A large
effect of the mold temperature on the crystallographic properties was observed. Also the the effect
of pressure and shear flow was taken in to consideration and analysed. The yield and failure
kinetics, including time-to-failure, were studied by performing tensile and creep tests at several
test temperatures and relative humidities. As far as mechanical properties are concerned, a strong
influence of temperature and relative humidity on the yield stress and time-to-failure was found.
A semi-empirical model, able to describe yield and failure kinetics, was applied to the experimental
results and related to the crystalline phase present in the sample. In agreement with findings in
the literature it is observed that for high mold temperatures the sample morphology is more stable
with respect to humidity and temperature than in case of low mold temperatures and this effects
could be successfully captured by the model. The samples molded at low temperatures showed,
during mechanical testing, a strong evolution of the crystallographic properties when exposed to
high testing temperature and high relative humidity, i.e., an increase of crystallinity or a crystal phase
transition. This makes a full description of the mechanical behavior rather complicated.

Keywords: polyamide 6; injection molding; polymorphism; humidity; mechanical properties

1. Introduction

Injection molding is the most widely used technique to produce polymeric products. It is particularly
preferred because of advantages such as fast production cycles, cheapness and the large versatility of
product shapes. However, injection molding implies some challenges, interesting for users, engineers
and polymer scientists. In fact, this technique involves high pressure, elevated shear flow and
inhomogeneous transient temperature fields during solidification. The effect of the mold temperature
on the mechanical properties is a widely studied topic in polymer engineering. In the case of
amorphous polymers, the main influence of mold temperature on the yield stress is attributed to
aging; a higher age (i.e., lifetime of a part) of the material correspond to higher yield stress [1].
In the case of semi-crystalline polymers, the topic becomes more complicated. It is well known that
injection molded samples do not have a homogeneous morphology along the sample thickness and
position [2–4]. Ideally, due to different conditions during solidification, three different morphologies
can be detected in the sample thickness: (i) the outermost layer (also called skin layer) is subjected
to fast cooling, which leads to amorphous or slightly crystalline material; (ii) the central layer (also
called core layer) solidifies under high pressure and slow cooling rate, generally leading to high
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crystallinity; (iii) the inter-phase between the skin and core layer is called shear layer, which is
subjected to high shear rates that can play an important role in the crystallization kinetics [5].
Moreover, because of the shear flow, a highly oriented morphology can be formed in this shear
layer. The molecular orientation combined with the different position-dependent morphologies creates
a strong mechanical anisotropy [4]. The morphology of injection molded nylon 6 was reported
in literature [2,6]. These studies led to a common main conclusion: the metastable γ-mesophase
(obtainable for moderate cooling rates [7]) is predominant near the surface of the sample, while the
most stable α-phase (obtained by slow cooling [7]) takes over towards the center of the sample.
The effect of this inhomogeneous morphology distribution on mechanical properties has barely been
studied despite this being the most important factor for the end-users. Therefore, in this study, the effect
of mold temperature on the mechanical properties of polyamide 6 is investigated. The samples for
subsequent mechanical testing were conditioned at different temperatures and different relative
humidities.

2. State of the Art

In previous studies, the authors have investigated the influence of structural properties
(crystalline phase and lamellar thickness), temperature and relative humidity on the yield kinetics and
time-to-failure of polyamide 6 processed under quiescent conditions. Firstly, the Ree-Eyring equation,
normally used to describe the yield kinetics as a function of temperature and strain rate, was modified
in order to include the effect of relative humidity [8]. To accomplish this, the “apparent” temperature
equations was introduced:

T̃ = T + (Tg,dry − Tg,wet) (1)

where T is the actual temperature, Tg,dry is the glass transition temperature at the dry state and Tg,wet is
the Tg after conditioning. Nex, this “apparent” temperature is substituted in the Ree-Eyring equation:

σy(ε̇, T̃) =
kT̃
V∗

I
sinh−1

(
ε̇

ε̇0,I
exp

(
ΔUI

RT̃

))
+

kT̃
V∗

I I
sinh−1

(
ε̇

ε̇0,I I
exp

(
ΔUII

RT̃

))
(2)

where ε̇0,I,I I , ΔUI,I I and V∗
I,I I are the rate factor, the activation energy and the activation volume related

to process I and process II, respectively. These processes are related to two different deformation
mechanisms; process I to intra-lamellar deformation and process II to inter-lamellar deformation.
Subsequently, this work focused on applying the model also in case of different crystal phases
with varying lamellar thicknesses (lc). For the two different polymorphs, two sets of parameters
were defined, one for α-phase and one for γ-mesophase. Remarkably, the first process of both the
polymorphs could be described with identical activation energy (ΔUI) and activation volume (V∗

I ) [9].
Also lc, a relation between the lamellar thickness and the rate factors was found [9]. Thus, by selecting
the right set of parameters accordingly to the present crystal phase, the yield kinetics of different
samples with different lc can be described. The parameters defined for α-phase and γ-mesophase are
listed in Tables 1 and 2, respectively.

Moreover, by the use of the “critical strain” concept, the prediction made for the yield kinetics
can be reconverted to predict for the time-to-failure [10]. The time-to-failure (t f ) is estimated by
the equation:

t f (σ, T) =
εcr

ε̇pl(σ, T)
(3)

in which εcr is the critical strain and εpl is the plastic flow rate as function of load and temperature
obtained by the yield kinetics, see Equation (2).
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Table 1. Ree-Eyring parameters defined for α-phase.

V * [m3] ΔU [J mol−1]

I 9 × 10−27 1 × 106

I I 6 × 10−27 3.2 × 105

Table 2. Ree-Eyring parameters defined for γ-mesophase.

V∗ [m3] ΔU [J mol−1]

I 9 × 10−27 1 × 106

I I 1.9 × 10−27 3 × 105

3. Experimental

3.1. Material

The material employed in this work was a polyamide 6 (Akulon K122) kindly provided by DSM
(Geleen, The Netherlands). This PA6 has a viscosity-average molar mass (Mv) of about 24.9 kg/mol,
melting point 220 ◦C, density of the amorphous phase 1090 kg/m3 and a viscosity number of
0.312 m3/kg (ISO 307) [11].

3.2. Sample Preparation

To dry the pellets prior to processing, the material was placed in a vacuum oven at a temperature
of 110 ◦C for 12 h. Next, the injection molding procedure was performed with the following parameters:
temperature profile from the hopper to the nozzle, 70 ◦C, 230 ◦C, 240 ◦C, 250 ◦C, 245 ◦C and 240 ◦C;
injection flow, 90 cm3/s; maximum injection pressure, 500 bar; holding pressure, 500 bar; cooling time
30 s. Moreover, four mold temperature were used, such as 35, 85, 130 and 160 ◦C. The samples are
1 mm thick squared plates with side lengths of 70 mm. The injection gate was situated orthogonally to
the plate plane, see Figure 1. Dog-bone shape samples were cut by the mean of a cutting die, according
to the ISO527 type 1BA (main dimensions: width 5 mm, length 22 mm). The samples were cut in
parallel and perpendicular direction compared to the flow, see Figure 1.

Figure 1. Schematic representation of a sample obtained by injection molding (70 × 70 × 1 mm).

As supporting experiments, also sheets with a thickness of 0.5 mm were prepared by compression
molding (for a more extensive study on the effects of injection molding see [9]). The material was
melted at 265 ◦C for 5 min, while a force of about 10 kN was applied, then it was rapidly moved to a
cold press set at different temperatures, i.e., 80–120–140–160–180 ◦C where the material was solidified
for 3 min.
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3.3. Sample Conditioning

The samples were conditioned at room temperature (23 ◦C) at four different relative humidities:
RH 0% (dry) using a vacuum chamber at room temperature, RH 35% and RH 75% by using chambers
containing supersaturated solutions of sodium chloride and magnesium chloride hexahydrate, and RH
50% by using an environmental chamber. The samples were kept in the conditioning environment up
to saturation. The absorbed water fraction was calculated with the following equation:

H2O% = (
Wi − W0

W0
)× 100 (4)

where W0 is the weight of the sample in dry conditions and Wi is the weight at the time ti. The saturation
was identified as the level of water fraction after which a plateau is reached. Since water is mainly
absorbed in the amorphous phase we define the normalized water fraction in which the water fraction
is related to the the fraction of amorphous phase:

H2O%N =
H2O%

1 − χvol
(5)

where χvol is the crystallinity.

3.4. Mechanical Tests

To investigate the yield and failure kinetics, uniaxial tensile and creep tests were performed using a
Zwick Uniaxial Testing Machine (Ulm, Germany) equipped with a 1 kN load-cell and an environmental
chamber with which temperature and relative humidity were controlled. Relative humidity ranged
from RH 35% to RH 75%, strain rates from 10−5 s−1 up to 3 × 10−2 s−1 and temperatures from
23 to 120 ◦C. Each experiment was performed at least two times. As far as the the tensile tests is
concerned, a pre-load of 0.1 MPa was applied prior the test with a speed of 1 mm/min. Subsequently
the test was performed with constant strain rate up to a strain of ≈50%. The creep tests were
performed at room temperature (23 ◦C) and three relative humidities (RH 35%, RH 50% and RH
75%). The load was applied within 10 s, then it was kept constant up to failure. Because of analytical
issues, the time-to-failure was defined as the time to reach a strain of 35%.

3.5. X-ray Diffraction

To investigate the influence of different mold temperatures on structure, X-ray diffraction
experiments were performed. First, wide angle X-ray diffraction (WAXD) measurements were
done using a Ganesha X-ray instrument (Copenhagen, Denmark) equipped with a GeniX-Cu ultra
low divergence source (l = 1.54 Å) and a Pilatus 300 K silicon pixel detector (487 × 619 pixels of
172 × 172 μm2). The patterns obtained were radially integrated and the weight percentage crystallinity
was estimated by:

χc =
T − A

T
(6)

where T is the total scattered intensity and A is the scattering from the amorphous halo. The amorphous
halo was retrieved performing WAXD on a completely amorphous sample obtained by quenching the
material in water with ice and NaCl. However, especially in the case of injection molding, the material
can crystallize in a mixture of α and γ. Thus the total crystallinity calculated by Equation (6) may
actually consist of a fraction related to the α-phase and another fraction related to γ-mesophase.
Therefore, a deconvolution analysis is performed. It consist of an analytical fitting of Lorentzian’s
functions to the characteristics peaks. Next, all the function areas are summed up to the amorphous halo
area, and the resulting pattern is compared to the experimental result. The α-phase and γ-mesophase
fractions follow from:

χc,α =
Aα

Am
and χc,γ =

Aγ

Am
(7)

23



Polymers 2018, 10, 779

where Aα and Aγ are the total area of the Lorentzian functions for the α and γ peaks, and Am is the
total area of the measured pattern. Also, small angle X-ray scattering (SAXS) was performed on the
same setup described for WAXD, only the samples to detector distance was increased. With SAXS,
the difference of electronic density are detected, i.e., the distance covered by a lamella and an
amorphous layer. This is called the long period (Lb). After applying Lorentz [12] and thermal density
fluctuation [13] corrections, the long period is calculated with:

Lb =
2π

d∗ (8)

where d∗ is the peak position expressed in inversed nanometers (nm−1). Next, the lamellar thickness
(lc) is estimated by:

lc = χvol ·lb (9)

where χvol is the volumetric crystallinity percentage, which takes into account the different density of
amorphous phase and the two polymorphs (α and γ):

χvol =

χc

ρc
χc

ρc
+

100 − χ

ρa

(10)

where ρc is the density of the crystal (1.21 g/cm3 for α-phase [11], 1.16 g/cm3 for γ-mesophase [11]),
ρa the density of the amorphous (1.09 g/cm3 [11]) and χ the mass crystallinity. To investigate the
influence of shear flow during crystallization, an azimuthal integration (180°) of the SAXS patterns
was performed.

3.6. Dynamical Mechanical Thermal Analysis

To investigate the influence of processing and relative humidity on the glass transition
temperature, a TA instruments Q800 (Asse, Belgium) was used to perform dynamical mechanical
thermal analysis (DMTA). Flat rectangular samples (main sizes 0.5 × 5 mm) were tested performing
a ramp of temperature from −40 ◦C to 120 ◦C with a heating speed of 3 ◦C/min and a frequency of
1 Hz. The glass transition temperature was defined ad the peak of the tan(δ) curve.

3.7. Dilatometry-PVT

A dilatometer (PVT) able to measure the specific volume of polymers as a function of cooling rate,
shear flow, pressure and temperature, was employed [14]. It consists of a pressure cell which combines
a traditional “piston-die” type dilatometer with a Couette geometry rheometer. The experiments
were performed on ring-shaped samples produced by a mini injection molding machine (Babyplast,
Molteno, Italy), with main dimensions: 22 mm outer diameter, 21 mm inner diameter and height
of of 2.5 mm. To completely erase the thermal history, the sample was heated at 250° and kept at
this temperature for 10 min. Then, the cooling procedure was performed for isobaric conditions.
Two kind of cooling procedures were applied, ambient cooling (≈0.1 ◦C/s) and air cooling (≈1 ◦C/s).
The pressure was varied in a range from 100 bar to 800 bar and the shear flow in range from 0 s−1 to
180 s−1. The influence of shear flow was studied at 200 bar and the shear impulse was applied at 200 ◦C.

4. Results and Discussion

4.1. Samples Characterization

The first step of this study was a crystallographic characterization performed by WAXD and
SAXS experiments (details about these techniques are reported in Section 3.5). WAXD experiments
were performed on dry samples to understand the influence of mold temperature. In Figure 2,
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the integrated patterns are reported. It is observed that the mold temperature plays a crucial role on
the crystallization: (i) at 35 ◦C an almost completely amorphous sample is obtained, (ii) at 85 ◦C a
predominantly γ-mesophase sample is obtained, (iii) at 130 ◦C a mixture of α-phase and γ-mesophase
are found and (iiii) at 160 ◦C a fully α-phase sample is obtained. In Figure 3b, the result of the
deconvolution analysis is shown.

Figure 2. WAXD integrated patterns of samples molded at different temperatures; experiments
performed at room temperature (23 ◦C) and dry condition.

(a) (b)

Figure 3. Deconvolution analysis of WAXD patterns. Crystallinity, α and γ fractions as functions of
mold temperature. (a) Case: compression molding, (b) case: injection molding.

It is important to stress that, the results of X-ray analysis are all an average over the thickness.
Normally, the cross section of an injection molded part shows a not homogeneous morphology.
During processing, the material is exposed to very different conditions dependent on the history
experienced in the mold. The material close to mold surface solidifies upon high cooling rate (generally
called skin layer), the middle part solidifies relatively slowly under high pressure (called core layer),
while the layer between the core and skin layer, solidifies under high shear (it is called shear layer).
However, because of experimental limitations, it was chosen to present the results as an average over
the thickness. In Figure 3a, the deconvolution analysis of samples compression molded at different
temperatures are presented. Comparing the results shown in Figure 3a,b it possible to notice that in
the case of injection molding, already a substantial fraction of α-phase is formed at a mold temperature
of 130 ◦C, while in the case of compression molding mold temperature 130 ◦C leads to a sample with
a rather small fraction of α-phase and a predominance of γ-mesophase. In order to study this effect,
we have performed supporting PVT experiments.
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4.1.1. Supporting Experiments-PVT

A dilatometer (PVT) was employed in order to perform cooling procedures that simulated
processing conditions, i.e., crystallization during cooling at high pressures and subjected to shear flows.
In Figure 4 an illustrative example of a PVT result is presented. The sample was cooled at ≈1 ◦C/s,
with a constant pressure of 200 bar and no shear. The marker (circle) at about 172 ◦C (see Figure 4)
is defined as the crystallization onset, which is the main outcome of this experiment. As far as the
influence of pressure on the crystallization onset temperature is concerned, cooling at two different
speeds (0.1 and 1 ◦C/s) were performed for several pressures (from 100 to 800 bar). The crystallization
onset for these conditions is plotted as a function of applied pressures, see Figure 5a. The results
show an increase of crystallization onset of about 17 ◦C from the minimum to the maximum applied
pressure in both the investigated cooling rates. In the case of crystallization with applied shear flow
and constant pressure (100 bar), the crystallization onset increases only few degrees. Therefore, it is
concluded that the different crystallization behavior observed for the injection molding processing,
compared to the one seen for compression molding, is mainly due to the effect of pressure which
increases the crystallization temperature for a given cooling rate.

Figure 4. Dilatometry-PVT experiment, cooling at ≈1 ◦C/s and 200 bar with no shear flow. The circle
indicates the crystallization onset temperature.

(a) (b)

Figure 5. (a). Crystallization onset temperature obtained by cooling upon different pressures and
cooling rates. Lines are just guides to the eye. (b) Crystallization onset temperature obtained by cooling
upon different shear flow rates and 100 bar.

4.1.2. Effect of Flow on the Molecular Orientation

Next, SAXS experiments were performed on the dry samples processed at different mold
temperatures. In Figure 6a, the results of radial integration of the SAXS patterns, which give the
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required information for to estimating the average long period (lb) and, as explained in Section 3.5,
the average lamellar thickness (lc). Figure 6b shows the lamellar thickness values as functions of mold
temperature; the highest lc (≈2.3 nm) is obtained with mold temperature 160 ◦C and the minimum
(≈1.6 nm) at mold temperature 85 ◦C.

(a) (b)

Figure 6. (a) SAXS integrated patterns of samples molded at different temperatures; experiments
performed at room temperature (23 ◦C) and dry condition. (b) Lamellar thickness as a function of mold
temperature; experiments performed at room temperature (23 ◦C) and dry condition.

As mentioned in the introduction, flow may lead to material orientation and this could affect
the mechanical properties. To investigate the whether or not orientation was present, an azimuthal
integration of the SAXS pattern was performed. In Figure 7 three examples of azimuthal integration of
samples produced at different mold temperatures and conditioned at RH 0% (dry) at room temperature,
are shown. A varying orientation is observed for all the three samples; in particular the mold
temperature 85 ◦C shows two clear maximums at approximately 90° and 270°.

Figure 7. Azimuthal integration over a range from 0° to 180° of samples at dry conditions and room
temperature. The solid lines are guide to the eye.

Therefore, the mechanical properties of samples cut in parallel and perpendicular direction
compare to the flow direction, were tested by tensile tests at different strain rates. The stress-strain
response of “parallel” and “perpendicular” sample molded at 160 ◦C are presented in Figure 8a.
Astonishingly, both the “parallel” and “perpendicular” samples showed the same yield stress (±1 MPa),
see Figure 8b. The same observations were made for the samples molded at 85 ◦C, see Figure 9a,b.
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(a) (b)

Figure 8. (a) Tensile tests at strain rate from 10−3 s−1 to 3 × 10−2 s−1 at 23 ◦C; comparison between
samples cut in parallel (solid lines) and perpendicular (dashed lines) direction compare to the flow.
(b) Yield stress as a function of strain rate. Samples molded at 160 ◦C.

(a) (b)

Figure 9. (a) Tensile tests at strain rate from 10−3 s−1 to 3 × 10−2 s−1 and 23 ◦C; comparison between
samples cut in parallel (solid lines) and perpendicular (dashed lines) direction compare to the flow.
(b) Yield stress as a function of strain rate. Samples molded at 85 ◦C.

4.2. Yield Kinetics

Because of the absence of effect of the orientation on the mechanical properties, the study
continued on “parallel” samples only. The mechanical characterization continued with the
investigation of yield kinetics for dry conditions. Uniaxial tensile test were performed in a range of
temperatures from 23 ◦C to 80 ◦C and strain rates from 3 × 10−4 up to 3 × 10−2 s−1. In Figure 10a,b
and 11a,b, examples of stress-strain response at different temperatures are presented for mold
temperature of 160 ◦C, 130 ◦C, 85 ◦C and 35 ◦C respectively. As expected, the yield stress increases
for increasing strain rates and decreases for increasing temperature. However, this statement does
not hold for the samples molded at 35 ◦C. For these, the increase of temperature from 23 ◦C to 47.5 ◦C
leads rapidly to a dramatic drop of yield stress (from ≈70 MPa to ≈5 MPa), while increasing even
further the temperature, the measured yield stress rises up to ≈20 MPa, see Figure 11b. This is a
clear indication of the evolution of the sample state. Indeed, the samples molded at 35 ◦C are almost
completely amorphous samples, see Figure 2. Heating an amorphous samples above its Tg causes
cold crystallization and, consequently an enhancement of the yield stress is obtained. This effect is
also visible in the DMTA experiments which are presented later on (see Figure 15a). The results for a
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mold temperature of 160 ◦C showed the weakest dependence on testing temperature and strain rate,
while 85 ◦C showed the strongest (apart from the mold temperature 35 ◦C, which is a different case).

(a) (b)

Figure 10. Stress-strain response at different temperatures and strain rates of samples molded at
(a) 160 ◦C and (b) 130 ◦C.

(a) (b)

Figure 11. Stress-strain response at different temperatures and strain rates of samples molded at
(a) 85 ◦C and (b) 35 ◦C.

In Figures 12a,b and 13a,b, the yield kinetics (yield stress as a function of strain rate) of dry
samples are given. For the cases of samples molded at 160 ◦C and 130 ◦C, in which α-phase (160 ◦C)
and γ-mesophase (130 ◦C) are predominant, predictions based on Equation (2) (in which T̃ is just the
testing temperature) using parameters listed in Table 1 for mold 160 ◦C and Table 2 for 130 ◦C are
given by the lines in Figure 12a,b. As explained in Section 2, the rate factors are defined accordingly to
the lamellar thickness, see Tables 3–5. The lines match the experimental results rather well for these
two cases. However, for a mold temperature of 85 ◦C, a clear mismatch between the prediction and the
experimental results is found, see Figure 13a. In this case, the parameters related to γ-mesophase are
employed. However, it is evident that the strain rate and temperature dependence of the yield stress is
stronger then in the case of a mold temperature of 130 ◦C and 160 ◦C. This difference is even more clear
for the results obtained at 37 ◦C, see Figure 13a. Figure 11b shows the stress-strain response of samples
molded at 35 ◦C; the results obtained in this case are far from what found for a mold temperatures of
130 ◦C and 160 ◦C.
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(a) (b)

Figure 12. Yield kinetics (yield stress as a function of strain rate) of samples in dry condition, molded
at (a) 160 ◦C (b) 130 ◦C. Lines are the the results of the Ree-Eyring equation.

Table 3. Ree-Eyring parameters: rate factors for samples molded at 160 ◦C.

ε̇0 [s−1]

I 7 × 10119

I I 6 × 1045

Table 4. Ree-Eyring parameters: rate factors for samples molded at 130 ◦C.

ε̇0 [s−1]

I 1 × 10123

I I 4 × 1045

Table 5. Ree-Eyring parameters: rate factors for samples molded at 85 ◦C.

ε̇0 [s−1]

I 1 × 10130

I I 6 × 1045

However, comparing results for a given mold temperature of 85 ◦C (Figure 13a) and a mold
temperature 35 ◦C (Figure 13b), a very similar strain rate dependence (slope) of the yield stress
is found at low temperatures, see Figure 14a. The reason of this behavior might be found by
considering the samples homogeneity. As previously explained, injection molding samples show a
non-homogeneous morphology along the thickness. It is likely that, in the case of mold temperature
85 ◦C, the skin layer (i.e., the outermost layer) is thicker than in the case of 130 ◦C and 160 ◦C, and thus
a predominant contribution of the skin layer leads to a behavior closer to an amorphous sample rather
then a semi-crystalline.

In Figure 14b, the yield stress obtained by tensile test at strain rate 10−2 s−1 is plotted as a function
of temperature in a range from 23 ◦C to 120 ◦C. This figure shows clearly the behavior of the samples
molded at 35 ◦C when tested at higher temperatures: at temperatures lower than ≈40 ◦C yield stress
is slightly lower than the other samples molded at higher temperatures. Above ≈40 ◦C the yield
stress decreases rapidly down to a minimum of about 5 MPa at 47.5 ◦C; increasing the temperature
further, the yield stress increases again and at about 80 ◦C it reaches a plateau that continues up to the
highest temperature investigated (120 ◦C). The samples molded at 130 ◦C and 160 ◦C show a similar
behavior if plotted as function of temperature. The absolute value is slightly higher in the case of a

30



Polymers 2018, 10, 779

mold temperature 160 ◦C and 130 ◦C. This is due to a larger lamellar thickness. At testing temperatures
between 23 ◦C and ≈45 ◦C, the samples molded at 85 ◦C show an yield stress comparable with mold
130 ◦C and 160 ◦C; above ≈45 ◦C, the yield stress drops moderately till a minimum at is reached
120 ◦C, see Figure 14b.

(a) (b)

Figure 13. Yield kinetics (yield stress as a function of strain rate) of samples in dry condition, molded at
(a) 85 ◦C (b) 35 ◦C. Lines are the the results of the Ree-Eyring equation.

(a) (b)

Figure 14. (a) Comparison between the yield kinetics of samples molded at 85 ◦C and 35 ◦C. (b) Yield
stress as a function of temperature. In the case of the samples molded at 35 ◦C, the transition from
unfilled to filled markers, is due to the fact that after ≈45 ◦C the samples start to cold-crystallize. Thus,
the filled markers are not really representative of the samples molded at 35 ◦C but an evolution of
those. Strain rate 10−2 s−1.

4.3. Influence of the Conditioning Environment

The glass transition temperatures were measured by DMTA, after conditioning at a relative
humidity 35%, 50% and 75% at room temperature (23 ◦C). The results are shown in Figures 15a,b
and 16a,b. The Tg values are reported in Table 6. In Figure 15a, the cold crystallization previously
mentioned, is clearly visible by observing the curve related to the dry sample at ≈60 ◦C.
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(a) (b)

Figure 15. DMTA experiments for samples conditioned at different relative humidities, tan(δ) as a
function temperature for samples molded at (a) 35 ◦C and (b) 85 ◦C. Markers indicate the measured Tg’s.

The DMTA results for the samples that are conditioned at different humidities are vital in order to
determine the “apparent” temperature (Equation (1)), see Section 2. The markers indicate the estimated
glass transition temperatures.

(a) (b)

Figure 16. DMTA experiments for samples conditioned at different relative humidities, tan(δ) as a
function temperature for samples molded at (a) 130 ◦C and (b) 160 ◦C. Markers are the selected Tg.

The glass transition temperatures are given as a function of the relative humidity (during
conditioning), see Figure 17a. The largest differences in glass transition temperature are found in the
case of a mold temperature 35 ◦C and dry condition. After conditioning, all the samples show a very
similar Tg. The measured Tg are reported in Table 6. Finally, the glass transition temperatures can be
also plotted as functions of normalized water fraction (see Equation (5)), which takes into account
that only the amorphous fraction can absorb water [15]. Figure 17b shows that, when plotting Tg

as a function of normalized water fraction, all the results are captured by a monotonic descending
trend line.
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Table 6. Glass transition temperature [◦C].

Sample Dry 35 RH% 50 RH% 75 RH%

mold 160 ◦C 68 41 26 10
mold 130 ◦C 73 39 25 11
mold 85 ◦C 71 38 25 10
mold 35 ◦C 56 45 26 15

(a) (b)

Figure 17. Glass transition temperatures as functions of (a) relative humidities and (b) normalized
absorbed water fraction. The line is a guide to the eye.

4.3.1. Hydration-Induced Crystallographic Evolution

In order to check the influence of hydration on the crystallographic properties, WAXD experiments
were carried out on conditioned samples. In Figures 18a, 19a, 20a and 21a, the integrated patterns
are shown for the case of mold 160 ◦C, 130 ◦C, 85 ◦C and 35 ◦C; the corresponding deconvolution
analysis of these patterns are given in figure Figures 18b, 19b, 20b and 21b. The drop of glass transition,
due to water absorption, has different effects depending on the starting morphology. In the case of
a mold temperature of 160 ◦C only a slight increase of crystallinity is recorded, most probably due
to secondary crystallization. The samples molded at 130 ◦C show a partial transformation from γ

to α-phase and a slight increase of the overall crystallinity. Similar behavior is seen in the case of
mold temperature 85 ◦C. Finally, in the case of 35 ◦C, the cold crystallization leads, initially, to the
crystallization of γ-mesophase (at RH 35%) and at higher relative humidity also α-phase is crystallized.

(a) (b)

Figure 18. (a) Wide angle X-ray diffraction integrated patterns, samples molded at 160 ◦C and
conditioned at different humidities. (b) Deconvolution analysis of the integrated WAXD patterns,
crystalline, α and γ fraction as a function of relative humidity.
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(a) (b)

Figure 19. (a) Wide angle X-ray diffraction integrated patterns, samples molded at 130 ◦C and
conditioned at different humidities. (b) Deconvolution analysis of the integrated WAXD patterns,
crystalline, α and γ fraction as a function of relative humidity.

(a) (b)

Figure 20. (a) Wide angle X-ray diffraction integrated patterns, samples molded at 85 ◦C and
conditioned at different humidities. (b) Deconvolution analysis of the integrated WAXD patterns,
crystalline, α and γ fraction as a function of relative humidity.

(a) (b)

Figure 21. (a) Wide angle X-ray diffraction integrated patterns, samples molded at 35 ◦C and
conditioned at different humidities. (b) Deconvolution analysis of the integrated WAXD patterns,
crystalline, α and γ fraction as a function relative humidity.
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4.3.2. Effect of Water Absorption on the Mechanical Response

After conditioning and determination of the glass transition temperature, uniaxial tensile tests
were performed in environments with controlled temperature and relative humidity. The temperature
was kept constant at 23 ◦C and three relative humidities were selected, RH 35%, RH 50% and RH
75%. In Figure 22a, an example of the effect of humidity on the stress-strain response of samples
molded at 130 ◦C is presented. As already mentioned, the increase of relative humidity leads to a
decrease of mechanical response. The yield stress values obtained at different relative humidity are
plotted as function of the applied strain rate, see Figure 22b. The symbols are the values obtained
experimentally, whereas the lines are the predictions based on the Equation (2) in which, in order
to include the influence of RH% on the mechanical properties, the temperature was replaced by the
“apparent” temperature equation. The agreement is excellent. The yield kinetics for samples molded at
160 ◦C and 85 ◦C are shown in Figure 23a,b, respectively. As in the case of dry samples, the predictions
made for samples molded at 160 ◦C and 130 ◦C match quite well the experimental results. Even for
the 85 ◦C mold temperature case, for which the agreement between model and experiment was not
satisfactory for dry condition the description (lines) are not too far from the experimental results.
Our explanation for this results is related to the effect of hydration on the crystallographic properties.
As explained previously, because of the drop of glass transition due to hydration, cold crystallization
is observed in the case of amorphous (quenched) samples. Thus, the amorphous skin layer of the
samples molded at 85 ◦C are likely to cold-crystallize in γ-mesophase, see Figure 21b. Consequently,
a decreased amorphous contribution on the mechanical properties is obtained and by the use of the
parameters for γ-phase, a rather good description is obtained. Moreover, the hydration-induced drop
of Tg decreases the mechanical contribution of the amorphous regions.

(a) (b)

Figure 22. (a) Stress-strain response of samples conditioned at different relative humidities and tested
at strain rate in a range from 3 × 10−5 s−1 to 3 × 10−2 s−1. (b) Yield stress kinetics of samples molded
at 130 ◦C.
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(a) (b)

Figure 23. Yield stress kinetics of samples conditioned at 23 ◦C different relative humidities and
molded at (a) 160 ◦C and (b) 85 ◦C.

4.4. Creep Tests

Finally, creep test at different relative humidity were performed. The samples were tested at
23 ◦C and different loads were applied. The time-to-failure (t-t-f) was defined as the time to reach a
strain of 35%, and the plastic flow rate is calculated by selecting the minimum in the Sherby-Dorn
plot [16]. Subsequently, from the plastic flow rates, plotted as functions of the corresponding measured
time-to-failure in a bi-logarithmic plot, the critical strain (εcr) is determined, as explained in [10]. Next,
using the predictions made for the yield kinetics, Equation (3) is applied. In Figures 24a,b and 25,
the results of creep tests at different relative humidity and several applied load are shown for the
samples injection molded at 160 ◦C, 130 ◦C and 85 ◦C, respectively.

(a) (b)

Figure 24. Creep tests, applied load as a function of time-to-failure for samples conditioned at
different relative humidities and room temperature. The lines are the results of Equation (3). (a) Mold
temperature 160 ◦C and (b) 130 ◦C.

The experimental results for mold temperatures of 160 ◦C and 130 ◦C are well described by the
model (see Figure 24a,b). However, in the case of a mold temperature of 85 ◦C, the predictions made for
the samples conditioned at relative humidity 35%, do not match the experimental values, see Figure 25.
We can only speculate about this mismatch.
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Figure 25. Creep tests, applied load as a function of time-to-failure for samples conditioned at
different relative humidities and room temperature. The lines are the results of Equation (3).
Mold temperature 85 ◦C.

4.5. Structures-Properties Relations for Modelling

As mentioned in Section 2, a previous study [9] on samples crystallized quiescently, a relation
between the lamellar thickness and the rate factors (ε̇0,I,I I) was proposed. In Figure 26a,b, the rate
factors I and II defined for the samples processed by injection molding are plotted as functions of
lamellar thickness together with the rate factors obtained for compression molding. In the case of
the rate factor I, the injection molding markers are in good agreement with the trend obtained in
the case of compression molding, see Figure 26a. Plotting the ε̇0,I I obtained for injection molding
samples as a function of lamellar thickness, values are in line with trend found for compression
molding, see Figure 26b. However, because of the mixture of α and γ crystals present in the sample
molded by injection molding, the trends might results not perfectly in line with the polymorph division
(see dashed lines in Figure 26b).

(a) (b)

Figure 26. (a) Rate factor I and (b) rate factor II as functions of lamellar thickness. Lines are guides to
the eye.

5. Conclusions

In this study, an industrial injection molding machine was used to produce polyamide 6 samples
with different crystallographic properties. The mold temperature was varied in a range from 35 to
160 ◦C. A clear influence of mold temperature on the crystallization was detected. In the investigated
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range of temperatures, different crystallinity values, lamellar thicknesses and crystal polymorphs were
obtained. Moreover, also the effect of shear flow and pressure during crystallization were studied
by dilatometry (PVT). This led to the conclusion that the well known shift of the crystallization
to higher temperature is dominant, while shear flow has a minor effect on crystallization kinetics.
The effect of pressure during injection molding was particularly highlighted by a deconvolution
analysis performed on WAXD patterns obtained for samples made with different mold temperatures.
To confirm this finding, the deconvolution analysis performed on samples obtained by injection
molding was compared with samples obtained by compression molding (in which pressure and
shear flow effects are negligible). It was found that in the case of injection molding, even at a mold
temperature of 160 ◦C, a fully α-phase sample was obtained; while in the case of compression molding
at the same temperature, a mixture of α and γ was obtained. This effect was ascribed to the high
pressure present during cooling in the case of injection molding. By azimuthal integration, the presence
of molecular orientation was measured. Orientation was found but, surprisingly, the mechanical
properties did not show an influence of the orientation. The mechanical properties were tested by
uniaxial tensile tests and uniaxial creep tests at several temperature in dry condition and at room
temperature with varying relative humidity. The Eyring’s flow model, modified with the apparent
temperature and combined with the concept of critical strain, were employed in order to describe
the results obtained by tensile and creep tests. This was partially successful. In the case of samples
molded at 160 ◦C and 130 ◦C, the model was successfully applied by the use of parameters previously
determined as characteristic in the case of α-phase and γ-mesophase, respectively. In the case of
mold temperature 85 ◦C, it was hypothesized that the inhomogeneous morphology (intrinsically
induced by the molding technique) led to an excessive contribution of the amorphous layer (skin
layer). Finally, in the case of mold temperature 35 ◦C, in which completely amorphous samples were
obtained, a description was not achieved due to the continuous development of the micro-structure.
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Abstract: The surface topography of a molded part strongly affects its functional properties, such as
hydrophobicity, cleaning capabilities, adhesion, biological defense and frictional resistance. In this paper,
the possibility to tune and increase the hydrophobicity of a molded polymeric part was explored.
An isotactic polypropylene was injection molded with fast cavity surface temperature evolutions, obtained
adopting a specifically designed heating system layered below the cavity surface. The surface topology
was characterized by atomic force microscopy (AFM) and, concerning of hydrophobicity, by measuring
the water static contact angle. Results show that the hydrophobicity increases with both the temperature
level and the time the cavity surface temperature was kept high. In particular, the contact angle of the
molded sample was found to increase from 90◦, with conventional molding conditions, up to 113◦ with
160 ◦C of cavity surface temperature kept for 18 s. This increase was found to be due to the presence of
sub-micro and nano-structures characterized by high values of spatial frequencies which could be more
accurately replicated by adopting high heating temperatures and times. The surface topography and the
hydrophobicity resulted therefore tunable by selecting appropriate injection molding conditions.

Keywords: hydrophobicity; contact angle; polypropylene; atomic force microscopy; injection molding;
mold temperature evolution

1. Introduction

Natural hydrophobicity and superhydrophobicity is grabbing the interest of many researchers
and has inspired mimetic attempts in recent years [1–3]. The surfaces are characterized by high contact
angle show self-cleaning [4,5], water repellence capabilities [6] and corrosion inhibition [7], and thus,
thus they are very interesting for biomedical and pharmaceutical fields too [8–10].

Artificial super-hydrophobicity are obtained through the hierarchical structuring of a surface,
namely by the formation of both micro and nano-structures on the surface [11–13]. The technologies
adopted for the production of micro and nano-structured surfaces are classified as bottom-up or
top-down methods. The bottom-up techniques take advantages of the self-assembling capabilities of
the molecule thus the formation of a structured surface takes place layer by layer [14]. These methods
can be adopted for a limited range of materials and are not suitable for mass production [15].
The top-down approaches consist in etching away bulk material to achieve the required smaller
structural architectures [16], or in replicating master geometries [17]. These methods can be applied
to a wide range of material, and are suitable for mass production of micro and nano-structured
surfaces [15,18]. In particular, the “replica molding” techniques consist in the replication of a master,
produced by lithography-based techniques, by hot embossing or injection molding [16,19]. The latter
surely presents the advantage of cheaper and faster production [20–24]. Yamaguchi et al. [25]
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proposed to replicate a master having nano-periodic structures, obtained by a femtosecond laser,
layered on the cavity surface. They studied the effect of nano-structures replica on the wettability
of acrylonitrile-ethylene-styrene moldings and found that the apparent contact angle increases with
respect to the surface obtained on a smoother cavity. Puukilainen et al. [26] adopted a cavity with
micro-pillars in micro-injection molding of polypropylene. They found that the distance between
the pillars is the key parameter in tuning the surface wettability. Yoo et al. [27] adopted injection
molding process to replicate nano-structured masters, having nano-pillars, on polypropylene and
polycarbonate objects. They found that the replication accuracy increases with the mold temperature
and, more important, that the hydrophobicity also increases with the mold temperature. The same
research group [28] obtained similar results on polyethylene copolymer. All these studies highlight
that the topography of a surface and, in particular, the quality of the replication of micro and
nano-structures, directly influences the wettability of a surface. On their turn, all the processing
parameters that control the accuracy of the replication influence also the wettability. Thus, it is possible
to tune the wettability by controlling the same processing conditions that influence the replication
accuracy. However, the replication of micro and nano-structures by injection molding process is not
an easy task. The formation of a frozen layer on the polymeric surface, due to the contact of the molten
polymer with the cold cavity surface, prevents an accurate replication [29]. It is necessary to increase
the mold temperature, but this induces an increase of the processing time. The methods adopted
to obtain an evolution of the mold temperature require additional tool cost and cause a significant
increase in processing time [23,30–34].

In this paper, a fast evolution of mold temperature was obtained adopting a thin heating device,
made of carbon black loaded poly(amide-imide), that is able to remarkably increase the temperature of
a selected area on the cavity surface in few seconds, and to control this temperature level for a given
time. This innovative heating device, as a result of its reduced thickness, 50 μm, also allows for a fast
decrease in temperature soon after its deactivation. The fast evolution of the cavity surface temperature
allows for a shorter processing time. The injection molding process coupled with such a heating system
was adopted to obtain a better replication of a commercial steel layer. This paper aims to demonstrate
that the control of the replication of a random structured surface by injection molding allows for tuning
the hydrophobicity of polypropylene surfaces.

2. Materials and Methods

An isotactic polypropylene (iPP, Basell T30G, Ferrara, Italy), having an average molecular weight
of Mw of 376,000 g·mol−1, a polydispersity index Mw/Mn of 6.7, and a meso pentads content of 87.6%
was adopted. A complete mechanical, rheological and thermal characterization of this polymer can be
found elsewhere [35,36].

Injection molding tests were carried out by adopting a melt temperature of 220 ◦C, a mold temperature
of 28 ◦C and a holding pressure of 26 MPa. Table 1 summarizes all the other operating conditions.

Table 1. Operative injection molding conditions (Tmelt = melt temperature; Tmold = mold temperature;
Pholding = holding pressure; Tlevel = temperature reached on the cavity surface thanks to the activation
of the heating device).

Test Tmelt [◦C] Tmold [◦C] Pholding [MPa] Holding time [s] Tlevel [◦C] Heating time [s]

CIM 220 28 26 2 28 0
80-07 220 28 26 2 80 0.7
120-07 220 28 26 2 120 0.7
160-07 220 28 26 2 160 0.7
80-18 220 28 26 2 80 18
120-18 220 28 26 2 120 18
140-18 220 28 26 2 140 18
160-18 220 28 26 2 160 18
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A rectangular cavity having a length of 70 mm, a width of 20 mm, and a thickness of 1 mm
was adopted. A thin heater device, made of poly(amide-imide) loaded carbon black, was layered
under the cavity surface. The heater was electrically insulated from the mold by poly(amide-imide)
layers, having a thickness of 0.020 mm. An additional insulating layer 0.120 mm thickness was located
between the heater and the mold to reduce the heat loss. A protective steel layer (0.100 mm thickness)
covering all the length of the cavity was adopted to avoid the direct contact of the melt with the heating
device. Supplementary information about the heating device is reported elsewhere [37]. The heating
device adopted allows for heating a selected area on the cavity surface. Figure 1 shows a sketch of
the heating device layered in the mold insert and a sketch of the cavity with the pressure transducer
positions. In the configuration adopted in this work and depicted in Figure 1a, the cavity surface was
only partially heated (for the first 35 mm adjacent to the gate).

(a) (b)

Figure 1. (a) Schematic drawing of the mold insert adopted to layer the heater below the cavity surface;
(b) Sketch of the cavity adopted for the injection molding experiments (measures are in mm), pressure
transducer positions (P0–P3) are indicated. A sketch of the surface temperature profile along the flow
path is also reported.

As a reference, injection molding experiments were carried out in conventional injection molding
conditions (CIM). In these cases, the temperature of the cavity surface at the beginning of the
experiment corresponds to the temperature of the whole mold (28 ◦C). All the other experiments were
performed adopting the heating device to increase the temperature of the cavity surface (see Figure 1b).
The activation of the heating device on the half cavity length allows for comparing the contact angle
of a surface obtained with high cavity temperature with the contact angle of a surface obtained with
low cavity surface temperature, directly on the same sample. The heating devices were automatically
activated with constant electrical power 0.5 s after the start of the injection, which corresponds to
about 2 s before the contact with the polymer in position P2. The temperature reached on the cavity
surface, which depends on the adopted electrical power, after 10 s heating time is denoted as Tlevel in
the Table 1. 80, 120 and 160 ◦C were selected as Tlevel. Different heating times, 0.7 s (corresponding to
the cavity filling time), and 18 s were adopted. In the following, each test was coded by sequencing the
cavity surface temperature and the heating time (i.e., 160-18 refers to an experiment obtained with
160 ◦C cavity surface temperature and 18 s heating time).

Figure 1b also shows a sketch of the temperature profile along the flow path. It is possible to
observe that the boundaries of the heated area are characterized by a temperature that is below the
selected temperature, 160 ◦C in this case.

The surface of the injection molded samples was observed by Atomic Force Microscope (AFM).
The area, 60 × 60 μm2, for the AFM acquisitions was selected in order to include all the representative
structures. Micro-graphs in air at room temperature were collected with a Dimension 3100 coupled
with a Bruker Nanoscope V controller (Bruker, Billerica, MA, USA ), operating in tapping mode.
For each position along the flow direction, a square area of 3600 μm2 was investigated with a resolution
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of 512 points/line and a scan rate of 0.5 line/s. Commercial probe tips (mod. OTESPA, Bruker, Billerica,
MA, USA) with nominal spring constants of 42 N/m, resonance frequency of 300 kHz, tip with
radius of 7 nm and height of 7–15 μm were adopted. AFM topographic maps were acquired with
NanoScope software version 7.30 (Bruker, Billerica, MA, USA). To remove tilt or bow from the acquired
surface a flatten procedure was applied by the NanoScope Analysis software version 1.80 (Bruker,
Billerica, MA, USA); to remove noise a low pass filter with a cutoff frequency of 2 μm−1 was applied.
The NanoScope Analysis software also allowed for performing the roughness and the frequency
analysis of the acquired patterns.

The processed AFM acquisitions were analyzed by the software MountainsMap 7.1 (by DigitalSurf,
Besançon, France) to obtain the 3D topographic parameters Sda (average close dale area), Sha (average
close hill area) and Sdr (developed area ratio) according to the standards defined by EUR15178N and
ISO25178. The dale area, Sda, and hill area, Sha, are calculated as the mean area of all individual motifs
used to segment the surface acquired by AFM. The considered areas are the horizontal areas of the
motifs projected onto the horizontal plane [38]. The developed area ratio Sdr is calculated by summing
the local areas when following the surface curvature and it represents the area excess with respect to
the projected area. It is expressed as the percentage of the projected area [38].

Contact angle measurement is an accurate method for determining the interaction energy between
a liquid and a solid. Static contact angle measurements were carried out at room temperature with
distilled water. A water drop (5 μL) was placed on the sample and photographed once a second for 30 s.
The contact angle was determined mathematically by fitting a Young-Laplace curve around the drop.
Values recorded between 6 and 30 s were averaged to obtain the contact angle for each measurement.
The measurements were repeated on a series of three equivalent samples and mediated to calculate
the contact angle value on each point of the molded sample. The contact angles were measured along
the flow path.

3. Results

3.1. The Process

Figure 2 shows, for two representative experiments, the pressure in three positions inside the cavity,
along the flow path, P0, P2 and P3 (see Figure 1), and the temperature evolutions measured in position P2.
Figure 2a shows pressure and temperature evolutions recorded during CIM, the experiment performed
without the heating device. Figure 2b shows the pressure and the temperature evolutions recorded during
the experiment named 160-18.

 
(a) (b)

Figure 2. Pressure and temperature evolutions measured during the injection molding experiments
conventional injection molding (CIM) (a) and 160-18 (b).
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The pressure in position P0 was recorded in the injection chamber and represents the pressure
imposed on the melt by the machine; it reached a maximum at the end of the filling stage (t = 0.7 s).
This pressure is affected by the cavity surface temperature: as the cavity surface temperature increases
the pressure necessary to fill the cavity at the set flow rate decreases. After the pressure peak,
for both cases reported in Figure 2, the pressure in position P0 reaches the value set as holding
pressure, 26 MPa, and is kept constant for 2 s, after that it decreases down to zero. When the polymer
comes in contact with the cavity walls (t = 0 s), the pressure in position P2 starts to increase. It reaches
a maximum value of about 20 MPa at the end of the cavity filling. The final filling pressure in position
P2, at t = 0.7 s, is also affected by the adopted cavity surface temperature: it decreases as the cavity
surface temperature increases. After the filling end, the pressure in position P2 decreases down in two
steps: during the first step, the density increase (induced by the polymer cooling and crystallization)
is counteracted by the packing flow; during the second step, the pressure decrease is faster due to
the pressure release in position P0 [39]. When the melt contacts the cavity in position P3, the filling
is almost complete; thus, the pressure evolution in this position is mainly driven by the packing
flow. The pressure drop, determined by the packing flow, and the polymer viscosity are both smaller
with higher cavity temperature, thus, the pressure in position P3 is higher during the experiment
160-18. The pressure decay in position P3, is faster with respect to the pressure decay in positions
P2, for both cases shown in Figure 2, because the packing flow does not efficiently counteract the
cooling. Figure 2 also shows the temperature evolutions in position P2. When the heating device is not
present (Figure 2a) the temperature reaches 90 ◦C at the first contact of the hot melt with the cavity
wall, afterward, the temperature decreases due to the contact with the cold cavity walls. Figure 2b
shows that, at the contact with the melt, the surface temperature, which had already raised because
device heater activation, undergoes an additional immediate increase and, soon after (see Figure 2b),
a fast decrease toward a constant value denoted as Tlevel. At the heater deactivation, the temperature
decreases down to the value of the whole mold (28 ◦C).

3.2. Contact Angle Distribution

In the literature, it has been demonstrated that the cavity temperature influences the hydrophobicity
of the molded objects [27]. This paper aims to analyze the effect of the temperature evolution, namely the
cavity surface temperature and the heating time, on the molded part surface hydrophobicity. Figure 3
shows the contact angle distributions along the flow path of the samples obtained with different cavity
surface temperatures and 0.7 s heating time. The contact angle distribution for the experiment named CIM
is also reported for comparison.

Figure 3. Contact angles of the molded samples obtained with CIM and different cavity surface temperature,
keeping active the heating device only during the filling.
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For all the considered samples, the contact angles show a similar distribution. When a heating
time equal to the filling time, 0.7 s in these cases, was adopted, the contact angles showed values that
have a negligible dependence on the temperature set on the cavity surface, within the measurement
reproducibility. In particular, the contact angle distributions of the samples obtained with different
cavity surface temperatures are similar to the one obtained for the CIM sample. These values show
a slight decrease on increasing the distance from the gate, in agreement with the fact that both pressures
and temperatures decrease on increasing the distance from the gate.

Figure 4a shows the contact angle distributions along the flow path, measured for the samples
obtained with different cavity surface temperatures and 18 s heating time. The contact angle distribution
along the flow path for the sample CIM is also reported for comparison. Figure 4b shows the plot of contact
angles measured at 20 mm distance from the gate (namely at the center of the heated area) vs. the Tlevel.

 

(a) (b)

Figure 4. (a) Contact angles of the molded samples obtained with CIM and different Tlevel, keeping
active the heating devices for 18 s. The vertical dashed line identifies the location of the heating element;
(b) Contact angle dependence on the cavity surface temperature (the contact angles were measured at
20 mm distance from the gate on the samples obtained with 18 s heating time).

In these cases, since the heating device is kept active for long times, the cavity surface temperature
has a strong influence on the contact angle: the contact angles show higher values, with respect to the
CIM sample, especially at the central part of the heated area. The distributions of the contact angle
present a maximum, for all the considered cases, because, as shown in Figure 1b, the temperature in the
first 10 mm downstream the gate is smaller than Tlevel, due to the contact with a cold gate. On plotting
the contact angle measured at 20 mm downstream the gate versus the Tlevel, a linear dependence is
obtained, as shown in Figure 4b, in the whole range of set temperature explored (80–160 ◦C).

It can be concluded that the increase in the cavity surface temperature up to 160 ◦C, allows for
a contact angle increase up to 28% with respect to the contact angle measured for the CIM sample.
Expensive masters with specially designed structures were proposed in the literature to obtain a similar
increase of the contact angle by injection molding process. In this work, this result was achieved
adopting a commercial and cheap steel layer and by an evolution of the cavity surface temperature.

3.3. Analysis of the Topography of the Molded Surface

In the literature, many authors correlated the hydrophobicity of a surface to its topography [25,40].
The presence of a hierarchical structure on a surface induces an increase of the hydrophobicity with
respect to a smooth surface [41]. This was assessed by replicating masters with complex surfaces on
polymeric surfaces. In this work, a commercial steel layer is adopted as a master. The AFM acquisitions,
shown in the uppermost of Figure 5, confirm that the steel layer is characterized by a complex surface,
being composed of both micro and nano-structures, tightly packed. In particular, the components
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on different scales were highlighted applying high pass filters to the flattened maps, with cut off
frequencies of 0.1 and 0.2 μm−1. These frequencies attenuate by 50% and 70%, respectively, the spectral
component of the signal acquired on the steel layer.

Since the steel layer is composed of structures on different scales, the hydrophobicity is expected
to increase by the accurately replicate the steel layer surface on the molded object. Figure 5 shows the
topographies acquired on the sample 160-18 at different positions, 5, 20 and 50 mm, downstream the
gate, where differences in contact angles were detected.

Figure 5. Topographies of the steel layer and of the sample 160-18 at different distances from the gate.
From left to right are reported the atomic force microscopy (AFM) maps processed by applying a flatten
procedure and two high pass horizontal filters, 0.1 and 0.2 μm−1 cut off frequency.

Figure 5 shows that also the surfaces of the 160-18 samples are characterized by sub-micro and
nano-structures in all the positions along the flow path. To compare the structures and determine the
accuracy of the replication, a roughness analysis was carried out and summarized in Table 2.

Table 2. Roughness of the steel layer and of the molded samples CIM and 160-18 at 20 mm distance
from the gate.

Test Filter 5 mm 20 mm 55 mm

Steel layer
flattened 164 ± 30 nm
0.1 μm−1 64 ± 10 nm
0.2 μm−1 25 ± 5 nm

CIM

flattened 113 ± 25 nm 139 ± 10 nm 116 ± 10 nm
0.1 μm−1 48 ± 3 nm 38 ± 5 nm 48 ± 3 nm
0.2 μm−1 26 ± 3 nm 20 ± 2 nm 25 ± 2 nm

160-18

flattened 77 ± 5 nm 136 ± 15 nm 106 ± 12 nm
0.1 μm−1 25 ± 5 nm 40 ± 6 nm 24 ± 2 nm
0.2 μm−1 23 ± 5 nm 27 ± 3 nm 23 ± 2 nm
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Table 2 shows that the roughness of the molded samples is nearly the same for both CIM and
160-18 samples and that the differences in the roughness values along the flow path are within the
reproducibility of the measurements. Thus, the roughness is not sufficient in describing the replication
accuracy of the surfaces. A deeper analysis of the profiles is necessary.

Figure 6 shows some profiles, obtained by the AFM maps acquired on the samples CIM and 160-18
(20 and 50 mm distance from the gate). The profile of the steel layer is also reported for comparison.
Three patterns are reported for each sample: the profile obtained from the flattened maps and two
additional profiles obtained applying high pass filters with cutoff frequencies of 0.1 and 0.2 μm−1 to
the AFM maps.

(a) (b)

 
(c) (d)

Figure 6. AFM patterns obtained from the maps acquired on the (a) steel layer; (b) CIM sample (20 mm
distance from the gate); (c) 160-18 sample (20 mm distance from the gate) and (d) 160-18 sample
(50 mm distance from the gate). Three patterns are reported for each sample: the flattened pattern,
and the patterns obtained applying 0.1 and 0.2 μm−1 high pass filters.

Figure 6a, related to the steel layer, shows that the profile obtained from the flattened map is
composed of structures on micro and nanoscale. Figure 6b shows that the pattern of CIM sample is
smoother than the corresponding pattern of the steel layer and also with respect to the 160-18 sample
obtained in the heated area (Figure 6c). This characteristic of the CIM sample is evident especially if
comparing the patterns obtained after the application of 0.2 μm−1 high pass filter. The patterns of
the sample 160-18 acquired at 50 mm distance from the gate (Figure 6d), appear smoother than the
patterns acquired on the same sample but in the heated area (20 mm distance from the gate, Figure 6c).
The mold temperature increase induces a better replication of the structures that are present on the
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cavity surface, in both micro and nano-metric scales [23,24,42]. This is the case of the 160-18 sample at
20 mm distance from the gate. Frequency analyses were performed to quantify the replication accuracy
of the random surface of the steel layer. Figure 7 shows the harmonic content related to the flattened
patterns of the steel layer and of the samples CIM and 160-18, the latter at two distances from the gate,
20 mm and 50 mm.

(a) (b)

(c) (d)

Figure 7. Spatial frequency analysis of the AFM acquired signal for (a) the steel layer and for the
molded samples (b) CIM (20 mm distance from the gate), (c) 160-18 (20 mm distance from the gate)
and (d) 160-18 (50 mm distance from the gate).

The frequency analysis of the AFM patterns shows that the steel layer is composed by significant
contributes with high frequencies, up to 2.5 μm−1, which correspond to structures of smaller dimensions.
The CIM sample is characterized by a harmonic content completely different with respect to the steel layer,
with significant contributes at the lower frequencies, and negligible contributes at the higher frequencies.
The acquisition carried out at 20 mm distance from the gate on the sample 160-18 is characterized by
a harmonic content similar to that one observed for the steel layer. The acquisition of the 160-18 sample
at 50 mm distance from the gate shows a behavior similar to the CIM sample. This is consistent with
a poor replication accuracy and also with the lower values of the contact angles. The frequency analysis
performed on the samples considered in this paper show that the behavior became more similar to the
one depicted in Figure 7c increasing Tlevel. Thus, on the basis of the frequency analysis, it is possible to
conclude that the 160-18 sample, at 20 mm distance from the gate, replicates more accurately the steel
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layer. Being this latter characterized by a considerable portion of structures having high spatial frequencies,
namely short distances between structures, its accurate replication imparts characteristics of hydrophobicity
to the polymeric samples.

3.4. Determination of Relevant Sample Surface Parameters

The differences observed in the topography of the samples obtained with different evolutions of the
cavity surface temperatures are responsible for the different hydrophobicity. Two models are considered to
correlate the hydrophobicity to the surface topography: Wenzel [43] and Cassie–Baxter [44]. In the Wenzel
regime, the hydrophobicity of a rough surface is enhanced by the increase of the solid-liquid contact area.
In the Cassie–Baxter regime, wetted surface is composed by the solid and by the air, which results to be
trapped between the droplet and the solid, in this case, the hydrophobicity increased by the decrease of the
solid-liquid contact area. Figure 8 schematizes the two models applied to a random surface.

(a) (b)

Figure 8. (a) Scheme of the Wenzel model and (b) Cassie–Baxter model applied to a random surface.

Wenzel and Cassie–Baxter models are reported in the Equations (1) and (2), respectively.

cos θ = r cos θ0 (1)

cos θ = f cos θ0 − (1 − f ) (2)

The θ0 is the Young contact angle corresponding to an ideal smooth surface. In this paper, the Young
contact angle was measured on moldings obtained in the conditions named CIM, in which the cavity
surface had a nominal roughness of 15 ± 2 nm. The molding roughness, being of 10 ± 2 nm, can be
considered smooth [45], and its contact angle is 80◦, according to the smallest contact angle found in the
moldings (see Figure 3).

The r is the ratio among the real rough surface area and the projected smooth surface, and it
takes into account that the increase in contact angle is due to an increase of the wetted surface (which
determines an increase of free energy) with respect to the projected one; f is a factor that enables taking
into account that the droplet contacts a composed surface made of solid (on an area fraction f ) and
air (on an area fraction 1 − f ). r and f can be calculated directly from the 3D topographic parameters,
as suggested by Vogler et al. [46], Sdr, Sda and Sha mentioned in the method section [41,46]:

r =
Sdr + 100

100
(3)

f =
Sha

Sha + Sda
(4)

The topographic parameters were evaluated for all the considered AFM topographic maps to
relate these parameters to the measured contact angles.

Figure 9 shows the contact angles, for the CIM sample and the samples obtained with different cavity
surface temperature evolutions, as function of the parameters Sdr and f, respectively. The parameters Sdr
and f were taken from the flattened AFM acquisitions. For each considered sample, the AFM acquisitions
were taken in three different positions along the flow path.
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(a) (b)

Figure 9. Contact angles vs. the parameters Sdr (a) and f (b) calculated from the AFM flattened maps.
The Wenzel and the Cassie–Baxter models were also reported in each plot.

Figure 10 also shows the contact angles as function of the parameters Sdr and f but these
parameters were calculated on the AFM acquisitions filtered with 0.2 μm−1 high pass cutoff frequency.
Figures 9 and 10 reports also the Wenzel and the Cassie–Baxter model as black lines.

(a) (b)

Figure 10. Contact angles vs. the parameters Sdr (a) and f (b) calculated on the AFM maps where a high
pass filter of 0.2 μm−1 was applied. The Wenzel and the Cassie–Baxter models were also reported in
each plot.

Figures 9a and 10a show that there is not a relationship between the contact angles and the surface
parameter Sdr. Thus, the Wenzel model does not fit the experimental data.

The Cassie–Baxter model does not fit the experimental data; however, this model appears to be
more suitable, especially for the sample 160-18, in describing the relationship between the measured
contact angles and the surface characteristics. Figures 9b and 10b show that the parameter f has to
be higher with respect to the calculated ones. The reason for this discrepancy could be due to the
method adopted for calculating f, which does not take into account the overall complexity of the
surface. The real surfaces are composed of structures on different scales, both micro and nano-metrical,
with a complex harmonic content (see Figure 7). This aspect is not considered in the calculation of f,

50



Polymers 2018, 10, 322

since Sda and Sha are referred to projected areas; furthermore, they have averaged values that could be
not representative of the real surface topography. The real surface is characterized by structures with
a certain height and by different frequencies of dales and hills, this information has to be taken into
account together in the calculation of the surface parameters.

4. Discussion

The steel layer adopted as cavity surface in this work is characterized by randomly dispersed structures
(see Figures 5 and 6). These structures present micro and nano-metrical heights, i.e., roughness, and spatial
distances between structures down to the nano-metrical level. The roughness is obviously not a good
measure of the surface hydrophobicity, since surfaces showing similar roughness present quite different
contact angles. The frequency analysis of the acquired patterns provides instead a method to check the
replication accuracy both in the structure height and spatial distribution (Figure 7). The replication is
enhanced by the temperature and heating time [47,48].

It is necessary to operate with long heating times to reach an accurate replication both in height and
in the spatial distance, since the replication of structures is due to the filling of micro and nano-cavities
by a pressure-driven mechanism. The temperature has to be high during the filling of the micro or
nano-cavities to prevent solidification and crystallization that inhibit an accurate replication.

The moldings that show the most accurate replication of structures also show the highest
hydrophobicity. In particular, the hydrophobicity increases for the surfaces showing the replication of
structures characterized by high spatial frequencies, namely nano-metrical distances between structures.

The two models considered, Wenzel and Cassie–Baxter, identify relationships between the surface
topography and the hydrophobicity. The latter model appears to better describe the behavior of the
contact angles with respect to the surface topography. The discrepancy between the Cassie–Baxter
model and the experimental findings might be due to the method adopted to evaluate the fraction f of
the liquid in contact with the solid rather than with trapped gas, through the topographic parameters
Sda and Sha, which might be not suitable to describe a real liquid wetted surface. In particular,
the trapped air prevents the complete filling of the dales by the liquid. While the topography of the
surfaces proposed in the literature [26,41], being formed by isolated reliefs uniformly spaced on the
surface, allows for a partial escaping of the trapped air, a random surface with closed dales could
present limited escape routes for air. Furthermore, on a real surface, the liquid filled levels depend
also on the pressure that the trapped air has to withstand, since its volume decreases with pressure.
In addition, the topographic parameters Sda and Sha, evaluated in this work according to the standards,
are not representative of the real surface topography, being simply referred to the averaged projected
areas of dales and hills; thus, neglecting the effect of their heights. Following the standard and also
the literature [41], all these aspects were neglected in the calculation of the topographic parameters,
and thus in the calculation of f ; this may have determined a relevant part of the discrepancy between
the Cassie–Baxter model predictions and the experimental findings, as shown in Figure 9.

5. Conclusions

In this work, a very efficient and new technique was adopted to obtain the evolution of the
temperature on the cavity surface and to tune hydrophobicity of polyolefins. The heating device
adopted to achieve the fast evolution of the cavity temperature allows for tuning the temperature locally,
and it is also possible to keep constant the selected temperature for the desired time. Being limited
to a small thickness below the cavity surface, the cooling after the heater deactivation results to be
very fast, with a rate comparable with the cooling rate of the conventional injection molding process.
This technique is very efficient in replicating structures, both in the height and shape, in a wide
dimensional range, micro and nano-metric. By adopting this technique, the effect of the operating
conditions on the hydrophobicity of molded iPP samples was analyzed. Furthermore, the correlation
among the hydrophobicity and the surface topography of the moldings was explored. The replication
of a random surface, composed by both sub-micro and nano-structures, was analyzed under different
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injection molding conditions. The presence of sub-micro and nano-structures characterized by high
values of spatial frequency was detected and highlighted only in the molded samples obtained with
high cavity surface temperatures.

The static water contact angles were measured on all molded samples at different distances from
the gate along the flow path. The contact angles were found to be higher in the heated area and lower
in the unheated area. A significant increase of the contact angle was measured when high cavity
surface temperatures and long heating times were adopted during injection molding. Small heating
times, comparable with the cavity filling time, were not sufficient to induce significant increases of the
contact angles.

The experimental contact angles were plotted versus the main surface parameters, calculated
from AFM acquisitions, to find correlations between sample surface morphology and the increase of
the contact angle with respect to the Young value. Both the Wenzel and the Cassie–Baxter models were
compared with the experimental data. It was found that the behavior of the contact angle with respect
to the surface parameter f (which estimates the fraction of surface where the liquid is in contact with
the solid rather than with trapped gas) was close to the behavior described by Cassie–Baxter model,
especially for the sample obtained with the highest cavity surface temperature and the longest heating
time. The residual discrepancy between the theoretical model and the experimental data could be
attributed to the complexity of the description of both the sample surface topography and the split of
water droplet contacts between the polymer and the entrapped air, which could not be adequately
described into the parameter f.
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Abstract: Coronary Heart Disease (CHD) is one of the leading causes of death worldwide,
claiming over seven million lives each year. Permanent metal stents, the current standard of
care for CHD, inhibit arterial vasomotion and induce serious complications such as late stent
thrombosis. Bioresorbable vascular scaffolds (BVSs) made from poly L-lactide (PLLA) overcome these
complications by supporting the occluded artery for 3–6 months and then being completely resorbed
in 2–3 years, leaving behind a healthy artery. The BVS that recently received clinical approval is,
however, relatively thick (~150 μm, approximately twice as thick as metal stents ~80 μm). Thinner
scaffolds would facilitate implantation and enable treatment of smaller arteries. The key to a thinner
scaffold is careful control of the PLLA microstructure during processing to confer greater strength
in a thinner profile. However, the rapid time scales of processing (~1 s) defy prediction due to
a lack of structural information. Here, we present a custom-designed instrument that connects the
strain-field imposed on PLLA during processing to in situ development of microstructure observed
using synchrotron X-ray scattering. The connection between deformation, structure and strength
enables processing–structure–property relationships to guide the design of thinner yet stronger BVSs.

Keywords: PLLA; bioresorbable vascular scaffolds; stretch blow molding; biaxial elongation;
SAXS; WAXS

1. Introduction

Coronary heart disease (CHD) results in obstructed blood flow to the heart due to the deposition
of plaque on arterial walls. It is one of the leading causes of death in the world and claims over seven
million lives each year [1–3]. Bioresorbable vascular scaffolds (BVSs) are emerging as a promising
alternative to permanent metal stents for the treatment of CHD. These devices are referred to as
“scaffolds” as opposed to “stents” owing to their transient nature in the implanted artery. In contrast to
permanent metal stents, BVSs support the occluded artery for 3–6 months but are completely resorbed
in 2–3 years [4], restoring vasomotion in the artery and minimizing the risk of fatal complications such
as late stent thrombosis [5–7]. The first FDA-approved BVS [8] is made from the semicrystalline and
biocompatible polymer poly L-lactide (PLLA), which hydrolyzes to form L-lactic acid, a metabolic
product processed by the body [9–11]. However, PLLA is notorious for being a brittle polymer [12,13],
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making it a surprising choice for a device that must withstand crimping and deployment. PLLA
blends [14,15] and copolymers [16,17] have superior ductility but these materials are not suitable
for coronary implants as they prematurely lose strength due to rapid hydrolysis [18,19]. Therefore,
processing conditions play a key role in overcoming PLLA’s inherent brittleness by providing the BVS
with a microstructure that facilitates deployment and confers lasting radial strength.

Bioresorbable vascular scaffolds are processed from extruded PLLA preforms in the following
sequence: “tube expansion” biaxially stretches the initially amorphous preform and transforms it
into a semicrystalline tube; “laser-cutting” converts the expanded tube into an as-cut scaffold that
has a lattice network of struts; and “crimping” radially compresses the as-cut scaffold onto a balloon
catheter for deployment in the artery [20]. The scaffold experiences severe local deformation during
crimping (strain > 50%), yet shows no sign of failure upon deployment [20]. The strength of the
scaffold in the deployed state has a counter-intuitive relationship with strength in the expanded tube.
Tube expansion that is equibiaxial (200% strain in θ and 200% strain in z) creates a strong expanded
tube; however, after laser-cutting and crimping, it performs poorly upon deployment (>40 cracks
per scaffold when over-deployed) [20]. In contrast, tube expansion that is predominantly uniaxial
(400% strain in θ and 20% strain in z) does not provide as strong an expanded tube, yet it produces
scaffolds that perform well upon deployment (<10 cracks per scaffold when over-deployed) [20].
Microdiffraction results reconciled this disconnect in strength between the expanded tube and the
deployed scaffold by elucidating the role of crimping; the predominantly uniaxial elongation process
yields an expanded tube that develops a beneficial morphology in the crimped state that facilitates
deployment without fracture [20]. The interplay of structural transformations that occur during tube
expansion and crimping govern the strength of the deployed BVS, motivating investigation of structure
development during the tube expansion process.

The promising success of current 150 μm thick BVSs motivates the design of thinner scaffolds
(~80 μm, similar to metal stents [21,22]) to extend the benefits of resorbable implants to a broader
patient population. The key to a thinner BVS lies in careful control of its microstructure during
processing so that an 80 μm BVS has strength comparable to the current 150 μm FDA-approved BVS.
Tube expansion, the first step in the manufacture of a vascular scaffold, plays a central role in the
design of thinner scaffolds. Similar to stretch blow molding, tube expansion subjects a PLLA preform
to biaxial elongation near the glass transition inside an outer mold [23]. The rapid deformation induces
oriented crystallization, which in turn influences the macroscopic strain and the wall thickness of
the resulting BVS. The process of tube expansion has been applied with excellent reproducibility to
manufacture scaffolds with uniform wall thickness that meet clinical standards. However, conventional
methodology is unable to provide structural insight on tube expansion at time scales relevant to
processing (>400% strain in a matter of seconds). As a result, tube expansion is largely based on
trial-and-error; expanded tubes are subjected to mechanical characterization and process parameters
are iteratively adjusted to optimize strength.

Here, we discuss the implementation of a novel custom-built instrument that can subject polymeric
preforms to tube expansion with acquisition of synchrotron X-ray scattering data at time scales relevant
to processing (~1 s). To the best of our knowledge, the data acquired from this instrument are the first
of their kind and relate deformation in the cylindrical geometry to the microstructure of the expanding
preform. PLLA is subjected to tube expansion between 70 to 120 ◦C [24], relatively close to its glass
transition (Tg ~55 ◦C) and well below its melting temperature (Tm ~170 ◦C). However, it is challenging
to probe flow-induced crystallization in this temperature interval as PLLA is known to have poor
thermal stability at elevated temperatures [25] and undergoes quiescent crystallization in the vicinity
of 100 ◦C [26]. Therefore, a critical design requirement for our instrument is rapid heating—we are
able to heat the preform above 100 ◦C (heating rate ~70 ◦C/min) and achieve inflation in less than
100 s; as a result, we avoid thermal degradation and isolate the impact of flow on the microstructure
of the expanded tube. The primary emphasis of this article is on the morphology of PLLA, but the
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instrument and the insight gained from this approach can be broadly applied to study polymers (e.g.,
poly (ethylene terephthalate), PET) that are processed using stretch-blow molding.

2. Materials and Methods

2.1. Design Considerations for the Tube Expansion Instrument

The design of our instrument builds upon the production protocol described in the patent
literature for bioresorbable vascular scaffolds, specifically the tube expansion process described
above [27]. Tube expansion uses compressed air to inflate a PLLA preform (inner diameter (ID):
0.64 mm, outer diameter (OD): 1.5 mm) inside a glass mold (ID: 3.9 mm, OD: 6.0 mm) at a desired
temperature; the inflation transforms the initially amorphous preform into an oriented, semicrystalline
tube. The mold dimensions are selected to limit the maximum expansion to an OD of 160% relative to
the preform’s OD; in the present experiments, the expansion is self-arresting when the OD reaches
approximately 150% of the preform’s OD. Infrared heating (IR) is used to provide a rise time of
approximately 50 s from 35 to 100 ◦C, which is fast enough to avoid quiescent crystallization in
the PLLA preform [26]. In contrast to hot air convection or restive heating, which both act on the
mold, IR directly heats the preform. The choice of IR radiation motivates the use of borosilicate glass
(Pyrex) for the mold as Pyrex is mostly transparent to IR wavelengths that are strongly absorbed by
PLLA (see Supplementary Materials: Figure S1 defines the orientation of lamps relative to the mold
and Figure S2 describes the energy absorbed by the preform relative to the mold). The instrument
is designed to selectively vary processing parameters such as the expansion temperature (Te),
the crystallization temperature (Tx), the imposed pressure inside the tube during expansion (only one
value is examined here, 6.8 bar) and the annealing conditions to isolate their impact on the resulting
PLLA microstructure.

2.2. Temperature Control

The PLLA preform is heated above its glass transition temperature (Tg ~55 ◦C) using two 500 W
Philips T3 halogen lamps (OD: 10 mm, length: 118 mm, Figure 1a) that are placed 25 mm on either side
of the preform (Figure 1a). The lamps are operated using a 48 V power supply for user safety, which
results in an effective power of ~100 W per lamp. The lamps are oriented parallel to the preform as this
geometry minimizes gradients in temperature along the axial direction (~10◦ over 30 mm, Figure S1a).
The lamps are surrounded by curved reflectors that improve the uniformity of heating and direct
stray radiation towards the preform. Numerical simulations performed in Zemax indicate that the
parallel orientation of lamps minimizes axial gradients in the absorbed energy (heat flux varies by
~10% along the 60 mm length of the preform, Figure S2) and that the reflectors enhance the rate of
heating (the preform absorbs >200% more energy with the curved reflectors, Figure S2). The control
box (described below) continuously records the temperature of the mold using a K-type thermocouple
connected to a Maxim MAX6675 cold-junction compensated controller, which adjusts the power of the
lamps to match the set heating rate and temperature.

As the preform is expanded inside the Pyrex mold, it is challenging to experimentally probe the
temperature of the preform. Therefore, we turn to numerical simulations that capture the geometry
of the stretching apparatus to estimate the temperature of the PLLA preform. The volumetric heat
flux provided by Zemax (~2.3 mW/mm3 for the mold and ~4.5 mW/mm3 for the preform, Figure S2)
is incorporated in the finite element software Abaqus to predict spatial gradients in temperature for
the mold and the preform as a function of time. The simulations predict a heating rate of ~1.1 ◦C/s
for the mold and ~1.75 ◦C/s for the preform (Figure S3); the simulated heating rate of the mold is
similar to experimental thermocouple data acquired on the mold (~1.2 ◦C/s, see Figure S3b, left for
comparison). Furthermore, the simulations show that spatial gradients in temperature in the preform
are ~1 ◦C after 50 s of heating (Figure S3a, right); a uniform temperature profile of the preform is
consistent with the uniform thickness of the expanded tube (~140 μm). The higher temperature of the

57



Polymers 2018, 10, 288

preform relative to the mold is corroborated by supporting experimental data, which also reveal that
the preform temperature does not increase during the annealing step (Figure S4).

Figure 1. (a) A 3D diagram of the tube expansion instrument defines the positions of the IR lamps
and reflectors above and below the mold, the thermocouple on the mold surface, the connection to
the pressure transducer and the air inlet, and illustrates how the preform is inserted into the mold
and oriented relative to the path of the X-rays. (b) Schematic diagram of the inflation process, which
progresses from the side of tube attached to the air inlet to the opposite end.

2.3. Mechanical Assembly

The instrument core is comprised of a metal bracket that holds the IR lamps, the mold and the
preform in position using Teflon supports (Figure 1a). The holders for the IR lamps are equipped with
reflectors to direct stray radiation towards the mold-preform assembly (Figure 1a). A circular cutout
in the metal bracket permits a path for X-rays to interact with the expanding preform (Figure 1a).
Swagelok connectors secure one end of the preform to a source of compressed air (6.8 bar) and the
opposite end to a Honeywell HSCDANN010BGAA5 pressure sensor (range 0–10 bar). The control
box operates a pressure valve to trigger tube expansion, which propagates from the side of the tube
attached to the air inlet towards the side connected to the pressure transducer (Figure 1b).

2.4. Control Box

The control box is comprised of an Arduino Mega 2560 board (microcontroller unit, MCU)
manufactured by Arduino, Italy that operates at a 16 MHz clock speed to acquire data from the
sensors and to drive the actuators (Figure 2). The MCU uses a 5 V relay to operate the IR lamps and
a numerically controlled dimmer to apply proportional-integral-derivative (PID) control to regulate
the power of the lamps in accord with the set heating rate and temperature (Figure 2). A Parker Lucifer
341 L91 07 coil pressure valve is operated using a 24 V DC power supply and is controlled by the
MCU via a 5 V relay to trigger expansion at user-defined setpoints (Figure 2). A Java-based desktop
application issues commands to the control box and is responsible for plotting and logging data.

2.5. Materials

Clinical grade poly L-lactide (PLLA) preforms (ID: 0.64 mm, OD: 1.5 mm) were provided by
Abbott Vascular, Santa Clara, CA, USA.

2.6. In Situ Structural Characterization

The instrument was implemented at APS beamline 5-ID-D at the Argonne National Labs for the
acquisition of simultaneous wide (WAXS) and small-angle X-ray scattering (SAXS) data. The incident
X-ray beam is aligned parallel to the r-direction of the mold-preform assembly (Figure S5); diffraction
patterns are acquired every 1 s at an exposure of 0.5 s using X-rays of wavelength = 0.7293 Å. WAXS and
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SAXS images were acquired on Rayonix CCD detectors with a sample to detector distance of 200.83 mm
and 8.502 m, respectively. The wavevector q is calibrated using a spinning silicon diffraction grid.
A subtraction method is implemented to isolate the scattering of PLLA (thickness of expanded tube
~140 μm) from that of the Pyrex mold (~1 mm thick) in the WAXS patterns (described in detail in the
Supplementary Materials, Figures S6–S10). At small angles, there is little to no scattering from the
Pyrex mold and the in situ SAXS patterns are presented as is (no subtraction). Video recordings from
the beamline camera (Figure S5) permit estimation of the strain and strain-rate experienced by the
PLLA preform during expansion.

Figure 2. Block diagram describing the interface between the sensors, actuators, control unit and the
data acquisition systems.

3. Results

Poly L-lactide (PLLA) cylindrical preforms are subjected to expansion using two modes of
operation of the instrument. In the first mode, the pressure in the preform is not increased until
a temperature of interest is reached during heating to a selected crystallization temperature: here,
we use the temperature of the mold (Te

mold of 80, 90 and 100 ◦C, where superscript “e” denotes
“expansion”) to trigger the elongation by opening a valve to 6.8 bar air, and use the mold temperature
for feedback control during the isothermal crystallization process (Ta

mold = 100 ◦C, where superscript
“a” denotes “annealing”) for 5 min, followed by cooling under ambient conditions (Figure 3a). In the
second mode of operation, the pressure in the preform is imposed prior to heating and is maintained
throughout the process: here, we examine the effect of temperature during isothermal crystallization
(Tx

mold of 80, 90 and 100 ◦C, where superscript “x” denotes “crystallization”) for 5 min, followed by
cooling under ambient conditions (Figure 3b). Numerical simulations predict that mold temperatures
of 80, 90 and 100 ◦C correspond to PLLA preform temperatures of ~105, 115 and 125 ◦C, respectively
(Figures S2 and S3). These two modes of operation were selected to isolate the impact of the expansion
temperature (Te) from that of the crystallization temperature (Tx) on the morphology of the expanded
tube; expansion in the first mode is triggered at a set mold temperature while expansion in the second
mode is reliant on the material properties of the preform.
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Figure 3. The transient temperature (red traces) and pressure (blue traces) profiles are presented
in (a) for the first mode of operation and in (b) for the second mode of operation. In (a), inflation is
triggered at a set mold temperature (Te

mold = 80, 90 and 100 ◦C) and the tube is subsequently annealed
at a mold temperature of 100 ◦C for 5 mins prior to cooling. In (b), the tubes are pressurized prior to
heating (note the constant pressure trace) and instead the tubes are annealed at three different mold
temperatures (Tx

mold = 80, 90 and 100 ◦C) for 5 mins prior to cooling. Numerical simulations described
in the SI (Figures S2 and S3) predict that mold temperatures of 80, 90 and 100 ◦C translate to preform
temperatures of ~105, 115 and 125 ◦C respectively.

Video recordings are used to estimate the transient outer diameter (OD) of the preform, which
changes in a complex manner with time (Figure 4). While some elongation may occur along the
axial direction, it is much less than the hoop elongation. Here, we make the approximation of
neglecting the axial elongation and analyze the outer diameter to estimate the strain at the outer
surface. When the internal pressure is abruptly imposed at a prescribed temperature (Figure 4a, i),
the initial deformation progresses at a similar rate (~0.025 s−1 at the OD, Figure 4a, ii) till an inflection
point at an OD strain of 40–50% (marked by black arrows in Figure 4a, ii). After the inflection, the strain
rate increases dramatically, to approximately 0.07 s−1 (Figure 4a, ii), until the deformation rate slows
down when the OD strain approaches ~150%. The rates of deformation are similar in the first mode of
operation (Te

mold = 80, 90 and 100 ◦C) as the mold temperature has reached a steady state (100 ◦C)
during inflation.

When the internal pressure is imposed before heating and maintained during heating (Figure 4b, i),
the onset of deformation occurs when the PLLA preform reaches a temperature at which it can no
longer withstand the pressure (Figure 4b, ii). This occurs approximately when the temperature of the
mold reaches 80 ◦C. In the case of Tx

mold = 80 ◦C, the mold has already reached a steady temperature
when the PLLA begins to deform. On the other hand, for Tx

mold = 90 and 100 ◦C, the temperature rises
rapidly during the first several seconds of deformation, giving rise to progressively faster initial strain
rates (the strain rate increases from 0.015 s−1 at Tx

mold = 80 ◦C to 0.07 s−1 at Tx
mold = 100 ◦C, t < 50 s

in Figure 4b, ii). The initial deformation slows, giving a plateau prior to a steep increase in strain rate;
the plateau OD strain is approximately 30–40% for all three values of Tx

mold, while the duration of
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the plateau decreases strongly with an increase in Tx
mold (compare strain profiles in Figure 4b, ii).

The rapid deformation at the end of the plateau rolls off and the final OD strain is approximately 150%
for all three Tx

mold cases. We now relate the macroscopic change in temperature and strain to the
microstructure of the tube using in situ synchrotron X-ray scattering.

Figure 4. Plot of (a, i) temperature (solid lines) and pressure traces (dashed lines) for the first
mode of operation; the pressure valve is triggered in ~5 s intervals to achieve expansion at
Te

mold = 80, 90 and 100 ◦C. The corresponding strain fields are presented in (a, ii). Plot of (b, i)
temperature (solid lines) and pressure traces (dashed lines) for the second mode of operation; tubes
expanded at Tx

mold = 80, 90 and 100 ◦C are pressurized to 6.87 bar prior to heating. The corresponding
strain fields are presented in (b, ii). The strain at the outer diameter (OD, black circles in a,b, ii) of the
preform is determined from video recordings (error in strain ~5%) and the strain at the inner diameter
(ID, red squares in a,b, ii) is calculated from the OD strain assuming incompressibility (the difference
in density between amorphous and crystalline PLLA is ~3% [28]). The slope of the straight black lines
provides an estimate of the strain rate at the OD surface; the black arrows mark the inflection point
when the strain rate abruptly increases. The error in synchronization between the video recordings and
the synchrotron data (temperature, pressure and X-ray patterns) is ~5 s.

Here, we compare PLLA preforms stretched at Te
mold = 100 ◦C and Tx

mold = 100 ◦C (in situ data
for the other 4 experiments are presented in Figures S11–S14) to illustrate the impact of the onset of
inflation (deformation occurs ~20 s later in Te

mold = 100 ◦C relative to Tx
mold = 100 ◦C, Figure 4a,b, ii)

on the morphology of the expanded tube. A selection of 12 diffraction patterns are presented for
Te

mold = 100 ◦C and Tx
mold = 100 ◦C that capture the transient expansion of the preform. Prior to

expansion, we observe strong diffuse scattering from the amorphous phase and the presence of faint
(110)/(200) peaks in the preform (compare Figures 5 and 6a, 0 s); the azimuthal position of these peaks
suggests that a small population of crystallites have their c-axis oriented parallel to the z-direction of
the preform. It is likely that these z-oriented crystallites are created in the extrusion process used to
prepare the preforms. The initial phase of inflation occurs at a relatively slow strain rate (~0.025 s−1

before the inflection point, Figure 4a, ii) and is characterized by a decrease in the amorphous intensity
due to the thinning of preform; however, there is no indication of oriented crystallization in this interval
(t < 70 s for Te

mold = 100 ◦C and t < 45 s for Tx
mold = 100 ◦C, Figures 5 and 6a). After the initial inflection

in the strain field (black arrows in Figure 4a,b, ii), the strain rate suddenly increases to ~0.07 s−1 and is
accompanied by distinct (110)/(200) peaks with their c-axis oriented parallel to the θ-direction of the
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preform (at ~68 s for Te
mold = 100 ◦C and ~44 s for Tx

mold = 100 ◦C, Figures 5 and 6a). The intensity
of the newly formed θ-oriented (110)/(200) peaks increases rapidly over the next 10 seconds (68 to
77 s for Te

mold = 100 ◦C and 44 to 55 s for Tx
mold = 100 ◦C; Figures 5 and 6a), a time interval that

corresponds to a > 50% increase in OD strain (compare the strain field in Figure 4a,b with WAXS data
in Figures 5 and 6a,b). Beyond 100 s, the expansion is nearly complete and amorphous material is
steadily transformed into crystallites during annealing (Figures 5 and 6a, 350 s).

The azimuthal width of the (110)/(200) peaks (Figures 5 and 6a, ii) provides a measure of crystallite
orientation in a material. In the first mode of operation, expansion is triggered in ~5 s intervals at
a mold temperature of 80, 90 and 100 ◦C (the pressure pulse requires ~10 s to reach 6.8 bar in the tube,
see Figure 4a, i). However, the bulk of the expansion occurs when the mold temperature has reached
100 ◦C. Therefore, we observe similar rates of expansion and consequently, the azimuthal width of
the oriented PLLA crystallites are similar (~8◦ for Te

mold = 80 ◦C and ~10◦ for both Te
mold = 90 and

100 ◦C, Figure 7d, left). In the second mode of operation, the tubes are pressurized prior to heating
(Figure 4b, i) and it appears that the azimuthal width of the (110)/(200) peaks decreases monotonically
as the crystallization temperature increases (~11◦ for Tx

mold = 80 ◦C, ~9.5◦ for Tx
mold = 90 ◦C and

~8.5◦ for Tx
mold = 100 ◦C; Figure 7d, right). This seems counter-intuitive at first because the onset of

inflation occurs at approximately the same time and temperature for all cases in the second mode of
operation (Figures 3b and 4b). However, expansion progresses isothermally in the second mode of
operation; therefore, the tube is expanding at a lower mold temperature in Tx

mold = 80 ◦C relative to
Tx

mold = 100 ◦C and, consequently, the material deforms more rapidly at Tx
mold = 100 ◦C (compare the

strain rate for Tx
mold = 80 ◦C vs. Tx

mold = 100 ◦C for t < 60 s, Figure 4b, ii) and develops a microstructure
with greater crystallite orientation.

Comparison between simultaneously acquired WAXS and SAXS patterns indicate that WAXS
is more sensitive than SAXS to the onset of expansion (SAXS features appear a few seconds after
the occurrence of (110)/(200) peaks in WAXS, compare Figures 5 and 6a,b) [29]. The SAXS intensity
continues to increase post expansion and adopts a bimodal distribution with peaks located along
the meridian (parallel to the θ-direction) and the equator (parallel to the z-direction) of the patterns
(see Figures 5 and 6b, 350 s). The SAXS peaks along the meridian are more than twice as intense as
the equatorial peaks, suggesting a dominant oriented microstructure along the θ-direction of the tube.
The SAXS intensity decreases during the cooling step in accord with densification of the amorphous
interlamellar space (t > 350 s, Figures S15–S20). Interestingly, both the equatorial and the meridional
peaks shift towards higher-q during annealing, indicating a steady decrease in the long period (note
the shift in peak intensity towards higher-q is more apparent in Figures 5 and 6b, i; we return to this
in the Discussion). The greater intensity of SAXS peaks in Tx

mold = 100 ◦C relative to Te
mold = 100 ◦C

(>15%, compare Figures 5 and 6a,b, 350 s and Figure 8a,b, left) suggests that the former introduces
a greater population of regular spaced lamellar stacks (>25 nm, Figure 8a,b, right) along the θ-direction
of the expanded tube.

At the end of each experiment, the tubes are extracted from the instrument and are stored for
ex situ studies. Polarized light micrographs of ~50 μm thick sections of the expanded tubes reveal
a gradient in morphology from the inner (ID) to the outer diameter (OD): the retardance at the ID
is ~1300 nm (third order bluish-green, Figure 9) and decreases steadily towards the OD (~800 nm,
second order yellow, Figure 9). This gradient in retardance is not observed in the extruded tube and is
a consequence of the tube expansion process, which imposes greater strains at the ID (>400%) relative
to the OD (~150%). The greater orientation of PLLA chains at the ID relative to the OD manifests in
the observed gradient in retardance.

62



Polymers 2018, 10, 288

Figure 5. In situ (a) WAXS and (b) SAXS data acquired on a PLLA preform stretched at Te
mold = 100 ◦C.

The diffraction patterns capture the transient heating and annealing steps (t < 350 s, Ta
mold = 100 ◦C)

and correspond to the temperature and strain profiles in Figures 3 and 4a. Diffraction patterns acquired
during the cooling step (t > 350 s) can be found in Figure S17. The WAXS and SAXS data are presented
as: 2D patterns; (a,b, i) azimuthally averaged intensity I(q); and (a,b, ii) radially averaged intensity I(ϕ).
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Figure 6. In situ (a) WAXS and (b) SAXS data acquired on a PLLA preform stretched at Tx
mold = 100 ◦C.

The diffraction patterns capture the transient heating and annealing steps (t < 350 s, Ta
mold = 100 ◦C)

and correspond to the temperature and strain profiles in Figures 3 and 4b. Diffraction patterns acquired
during the cooling step (t > 350 s) can be found in Figure S20. The WAXS and SAXS data are presented
as: 2D patterns; (a,b, i) azimuthally averaged intensity I(q); and (a,b, ii) radially averaged intensity I(ϕ).
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Figure 7. Quantitative characteristics of 1D WAXS profiles for expansion performed at: (left) Te
mold = 80,

90 and 100 ◦C; and (right) Tx
mold = 80, 90 and 100 ◦C. The variation in: (a) amorphous content;

(b) crystallinity; (c) peak position of the (110)/(200) peaks; and (d) full width at half maximum of the
(110)/(200) peaks is presented during the heating and the annealing steps (t ≤ 350 s); quantitative
analysis for the cooling step is presented in the Supplementary Materials (Figure S21).

Figure 8. Quantitative characteristics of 1D SAXS profiles for expansion performed at: (a) Te
mold = 80,

90 and 100 ◦C; and (b) Tx
mold = 80, 90 and 100 ◦C. The variation in: (a,b, left) the maximum intensity of

the meridional SAXS peaks; and (a,b, right) the interlamellar spacing is presented during the heating
and the annealing steps (t ≤ 350 s); quantitative analysis for the cooling step is presented in the
Supplementary Materials (Figure S22).
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Figure 9. Expanded tubes stretched at: (a) Te
mold = 80, 90 and 100 ◦C (Figures 3 and 4a);

and (b) Tx
mold = 80, 90 and 100 ◦C were extracted from the instrument and microtomed parallel

to the (r,θ) plane to yield consecutive 50 μm thick circular cross sections. The 50 μm sections were
sandwiched between glass slides and imaged through linear crossed polarizers. Note that the sequence
of Michel Levy colors from blue green to purple to pink to orange to yellow unambiguously shows
that the retardance decreases from ID to OD.

4. Discussion

The tube expansion instrument provides structural information about PLLA during processing
that is not captured by other techniques. The in situ WAXS patterns are very sensitive to the onset
of inflation and probe changes in amorphous content, crystallinity, crystal morph, and crystallite
orientation with a 1 s resolution. In all six experiments (Figures 3 and 4), the deformation of the
material occurs in two stages. During the first one, the material remains predominantly amorphous
(Figure S11, 45–56 s; Figure S12, 49–58 s; Figure 5, 52–64 s; Figure S13, 45–65 s; Figure S14, 30–41 s;
and Figure 6, 36–44 s). The second stage begins with an abrupt increase in crystallinity (Figure S11,
59 s; Figure S12, 62 s; Figure 5, 71 s; Figure S13, 75 s; Figure S14, 47 s; and Figure 6, 49 s), and a
decrease in the amorphous halo (Figure 7a). This step increases in crystalline diffraction accounts for
approximately half of the total increase in diffraction that occurs during deformation and subsequent
annealing (Figure 7b). During the second process, strongly-oriented diffraction peaks grow with the
chain axis along the θ-direction. These oriented WAXS and SAXS patterns suggest the presence of
a “shish-kebab” morphology with shish along the θ-direction of the tube, as expected due to the
large elongational strain (in excess of 400% at the inner diameter) imposed during tube expansion.
This morphology is characterized by regularly spaced lamellar stacks called “kebabs” that decorate
a central stem of oriented precursors called “shish” [30]. The sharp WAXS peaks are detectable earlier
than the corresponding oriented SAXS peaks, with the delay being shorter when the sample is heated
prior to imposing stress and with increasing temperature, becoming negligible for both Te

mold = 100 ◦C
and Tx

mold = 100 ◦C. Together, these features indicate that the initial process is dominated by glassy
deformations and suggest that the transition to melt flow enables the combination of stretching,
orientation and organization of the polymer chains that allows rapid growth of oriented crystals.
This sequence accords with observations in the literature on poly (ethylene terephthalate) (PET) [29].

Specifically, our experiments are close enough to the glass transition that the initial deformation
occurs at a strain rate that is faster than the rate of long range conformational rearrangement of
the chains. In accord with Mahendrasingam [29], when only local segmental reorientation occurs,
crystallization cannot. The second stage occurs on longer timescales, consistent with the expectation
that relaxation of the chains allows orientation and stretch of submolecules that are long enough to
participate in crystallization (dozens of consecutive units along the backbone). This corresponds to
Mahendrasingam’s window of strain rate in which oriented crystals form during deformation, i.e.,
the strain rate is slow enough to permit chain retraction, but much faster than terminal relaxation by
reptation. The transition between the two regimes correlates with the transition from glassy to rubbery
mechanical properties.

Temperature affects the transition through its effect on the relaxation time, which is particularly
strong for the glassy modes. The transition from glassy to rubbery relaxation offers a coherent
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explanation for the correlation between the abrupt increase in oriented crystallization (sharp WAXS
peaks) and the abrupt increase in the rate of deformation (strain rates of ~0.07 s−1 or more after
the inflection point, marked by black arrows in Figure 4a,b, ii). Experiments that use different
crystallization temperatures suggest that the relaxation of the glassy modes requires tens of seconds at
80 ◦C, approximately 10–15 s at 90 ◦C and approximately 3–5 s at 100 ◦C (Figure 4b, ii). The rubbery
relaxation is less sensitive to temperature, which explains the relatively similar rates of strain during
the sudden tube expansion. It may also offer an explanation for the small effects of temperature on the
final strain, manifested in the thickness of the expanded tube. There is precedent for flow-induced
crystallization having such strong effects that the usual temperature dependence of crystallization is
dramatically reduced [31]. Perhaps similar strain rates result in similar rates of oriented crystallization
and, consequently, similar total strain when oriented crystallization brings deformation to a halt.

An interesting and perhaps technologically important observation is the pronounced difference
in the degree of orientation between PLLA expanded with the Te

mold = 80 ◦C and Tx
mold = 80 ◦C

protocols (cf. black symbols in Figure 7, left vs. right); the azimuthal width of the (110)/(200) peaks
(Figures 5 and 6a, ii) provides a measure of crystallite orientation. In the first mode of operation
(Figure 7d, left), the preform is exposed to stress when the mold reaches Te

mold = 80 ◦C and heating
continues until Ta

mold = 100 ◦C. The glassy deformation stage is, consequently, brief and the rapid
growth of oriented “kebabs” at 100 ◦C proceeds with strong correlation to the orientation of the
“shish” created during elongation (see Figure S11 for X-ray data). In the second mode of operation
(Figure 7d, right), the temperature at which expansion begins is dictated by the material properties as
the stress is imposed on the tube throughout the heating process. In the Tx

mold = 80 ◦C experiment (see
Figure S13 for X-ray data), the sample begins to deform when the temperature of the mold reaches 80 ◦C
and the deformation and crystallization processes take place isothermally at 80 ◦C. Due to the relatively
low deformation temperature, there is a prolonged period of glassy deformation (approximately 20 s,
Figure 4b,ii) when point-like precursors and threadlike precursors could form; and due to the relatively
low crystallization temperature, the growth of crystallites from these precursors is slower and less
correlated to the shish (Figure 7b, compare the slope of the main crystallization process for the black
symbols). The dearth of oriented lamellar stacks for Tx

mold = 80 ◦C is confirmed by SAXS results that
show strong peaks indicative of shish-kebabs for Te

mold = 80 ◦C (black symbols in Figure 8a, left and
Figure S11), but not for Tx

mold = 80 ◦C (black symbols in Figure 8b, left and Figure S13). These results
suggest that using a relatively low temperature during the tube expansion process could moderate the
degree of anisotropy in the expanded tube, which is important for achieving balanced properties and
ductile behavior in the BVS.

The intensity of the SAXS peaks increases during the first half of the annealing step (<200 s
Figure 8a,b), then levels off. The increase in SAXS intensity occurs later and more gradually than the
increase in WAXS (compare Figure 7b to Figure 8, left). This disconnect suggests that the increase in
SAXS is due to a reorganization of previously formed crystals into increasingly coherent lamellae and,
possibly, with a reduction of interlamellar density in favor of thicker crystallites (see Supplementary
Materials for data on the cooling process, t > 350 s Figures S15–S20, where the SAXS intensity decreases).
In conjunction with this reorganization, the interlamellar spacing monotonically decreases with time
(Figure 8a,b, right). When this shift in long spacing occurs with an increase in SAXS intensity, it suggests
that some interlamellar material is being pulled into the lamellae allowing the crystal to become wider.
In some cases, the shift in long spacing occurs at a time when the SAXS intensity is decreasing,
which suggests the growth of secondary lamellae in the space between previously formed lamellae.
During the cooling step, the SAXS intensity of the present samples decreases due to the densification
of amorphous interlamellar material and, possibly, growth of fringed micelles in the interlamellar
space. By the time the sample temperature reaches ambient temperature, there is little to no evidence
of lamellar superstructures (the SAXS pattern vanishes, see Supplementary Materials, t = 700 s in
Figures S15–S20). Therefore, the transient structure reveals aspects of the present PLLA semicrystalline
morphology that are concealed in the final state of the expanded tube.
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The tube expansion apparatus has several features that enabled these experiments. The device
is small and relatively robust, making it well suited for transporting to a synchrotron. The device
requires only a few connections, which enables rapid setup with minimal loss of beamtime. Infrared
(IR) heating is rapid relative to sample ovens or heater blocks. Therefore, the samples reach the
desired test temperature before deforming under their weight, enabling experiments relevant to
stretch-blow molding. In the case of materials that undergo chemical reactions at elevated temperature,
rapid heating can be used to minimize changes in the material prior to measurements.

The most significant area for improvement is in the synchronization of strain measurements with
the in situ X-ray scattering data. Synchronization of video images could be accomplished by displaying
a flash of light at selected time intervals. Strain measurements during intervals when the IR lamps are
on could be accomplished by providing the camera with a high-pass optical filter (blocking red and
infrared wavelengths). Improved quantification of the strain field could be accomplished by placing
markings on the preform, provided the markings do not significantly absorb or scatter infrared light.
Implementation of improved strain measurements would open the way to a whole space of biaxial
elongations. Here, we were limited to constant width elongation, which can be evaluated from the
transient radius of the tube. The apparatus already has provisions for superimposing axial elongation
and azimuthal elongation. Faster strain rates can be examined if a faster camera is used. A broader
range of stresses can be examined by varying the imposed pressure inside the preform or by simply
modifying the dimensions of the preform. The instrument could be used with any of a number of in
situ structural measurements (e.g., birefringence or light scattering) with appropriate modifications to
offset lens effects of the curved interfaces of the mold and the samples. Therefore, the tube-expansion
geometry may prove useful for the broad community of scientists who are investigating deformation
induced structure in polymers and other soft matter.

5. Conclusions

Bioresorbable vascular scaffolds (BVSs) are manufactured from a nominally brittle polymer
(PLLA) but gain strength and ductility through processing. Tube expansion plays a critical role in the
manufacture of a BVS but defies prediction due to the rapid time scales of deformation. The selection
of tube expansion conditions determines the final thickness of the scaffold and influences the response
of PLLA during crimping and deployment. Therefore, a detailed understanding of the morphology
created in the expanded tube holds the key to a thinner yet stronger scaffold. In this report, we discuss
the fabrication of an instrument that can probe the structure of PLLA in real time at conditions relevant
to the processing of vascular scaffolds.

Video recordings and real time X-ray scattering data indicate that deformation in the PLLA
preform progresses in two stages. During the first stage, PLLA exhibits glassy behavior and stretches
at a relatively slow strain rate (0.03 s−1) until the strain at the outer diameter (OD) reaches an inflection
at ~50%. In the second stage, PLLA exhibits rubbery behavior (OD strain > 50%) and the strain rate
abruptly increases (0.07 s−1) till an OD strain of ~130%. The in situ WAXS data indicate that the
material is predominantly amorphous during the first stage of deformation but develops oriented
crystallites at the onset of the second stage of deformation. The corresponding SAXS data suggest that
the rapid inflation induces growth of shish-kebabs along the θ-direction of the tube. By varying process
parameters such as the expansion temperature, (Te

mold), the crystallization temperature (Tx
mold),

and the annealing conditions, we demonstrate that the microstructure of the expanded tube can be
controlled to vary the crystallinity, crystallite orientation and the population of shish-kebabs to obtain
desired mechanical properties.

The data presented in this report highlight the ability of a tube expansion instrument to provide
in situ X-ray scattering data during and after elongational deformation. Future studies will probe the
impact of total strain by using molds of different dimensions and strain-rate by varying the inflation
pressure. The combination of in situ structural data with the transient strain field may prove broadly
useful for understanding processing–structure–property relationships in polymers, as illustrated by
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the example of PLLA relevant to bioresorbable vascular scaffolds that may improve treatment of
cardiovascular disease.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/10/3/288/s1,
Figure S1: Selection of lamp orientation relative to the preform, Figures S2 and S3 & Table S1: Numerical
simulations of the temperature profile of the preform, Figure S4: Experimental data used to validate the
simulations, Figure S5: Implementation of the instrument at an X-ray beamline, Figures S6–S10: X-ray scattering
analysis, Figures S11–S20: Summary of in situ WAXS and SAXS data, Figures S21 and S22: Quantitative analysis
of in situ WAXS and SAXS data.
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Abstract: Temperature-sensitive gels (TSGs) are generally used in the fields of medical, robotics,
MEMS, and also in daily life. In this paper, we synthesized a novel TSG with good thermal
durability and a lower melting temperature below 60 ◦C. We discussed the physical properties
of he TSG and found it provided excellent thermal expansion. Therefore, we proposed the usage
of TSG to develop a strategic breathable film with controllable gas permeability. The TSG particles
were prepared firstly and then blended with linear low-density polyethylene/calcium carbonate
(LLDPE/CaCO3) composite to develop microporous TSG/LLDPE/CaCO3 films. We investigated the
morphology, thermal, and mechanical properties of TSG/LLDPE/CaCO3 composite films. The film
characterization was conducted by gas permeability testing and demonstration temperature control
experiments. The uniformly porous structure and the pore size in the range of 5–40 μm for the
TSG/LLDPE/CaCO3 composite films were indicated by SEM micrographs. The demonstration
temperature control experiments clearly proved the effect of the controllable gas permeability of the
TSG and, more promisingly, the great practical value and application prospects of this strategic effect
for the temperature-sensitive breathable film was proved.

Keywords: temperature sensitive; gel; controllable gas permeability; breathable film; polymer
composite; processing

1. Introduction

Gels are a promising material having good compatibility with biological tissues. The three-dimensional
cross-linked network of the gel, like collagen in tissues, is the framework structure contributing to the
mechanical strength. Temperature-sensitive gels (TSGs) exhibit physical changes in response to changes
in temperature. One research field in which the authors are interested is the synthesis and application
of high-performance crystalline gels. Crystalline gels are gels with high crystallinity polymerized
by introducing crystalline side-chains into the three-dimensional structure. Many crystalline gels
have been synthesized [1–7]. TSGs are a kind of crystalline gel, and they are expected to apply in
the fields of medical, robotics, as well as daily life [1,5,8]. The melting of side-chain crystals leads
to the changing behavior in the physical properties, especially in viscosity, volume, and mechanical
strength. The physical property changes provide the temperature sensitivity of TSGs. TSGs become
viscous liquids and change their volume at the transfer temperature (melting temperature) [3,4,7].
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Generally, volume change, especially thermal expansion, is considered one of the major drawbacks
in polymer applications. Many researchers have been placing a great deal of effort in modifying the
thermal expansion of polymers and polymer composites [9–16]. Usually it is the other way around,
so we propose to make full use of the thermal expansion inversely.

Functional porous membranes/films, which can control the transfer of air, humidity, light,
and temperature, are important and have attracted much attention due to their wide use in fields such
as food packaging, electronics, the energy sector, and daily necessities [17–28]. Most of these porous
membranes/films are environment- or signal-responsive. Even though environment-responsive pore
size adjustment of porous membranes/films is desirable, environment-responsive pore size regulation
remains challenging. In this paper, we report a temperature-responsive pore film that achieves the
opening/closing of pores. The temperature-responsive pore adjustable film was fabricated with hybrid
materials of TSGs within LLDPE/CaCO3 composites. The TSG used here was designed to have high
thermal expansion.

2. Materials and Methods

2.1. Materials

Two monomers containing vinyl groups (–CH=CH2) were used as monomers. One monomer (M1)
consists of a vinyl group and a long alkane chain with more than sixteen methylene units. The other
monomer (M2) has a pendent group of acetoxy (–COOCH3). N,N′-methylenebisacrylamide (MBAA)
used as a cross-linker, and benzophenone (BP) used as a UV polymerization initiator were obtained
from Wako Pure Chemical Industries Ltd., Osaka, Japan. LLDPE/CaCO3 composite were supplied by
Kohjin Film and Chemicals Co., Ltd., Yatsushiro, Japan. All the above chemicals are used as received.

2.2. Preparation of TSG Particles

Firstly, the TSG sheets are synthesized via bulk photopolymerization. The synthesis procedure is
as follows: Into a 50 mL snap vial were placed monomer M1, monomer M2, and cross-linker MBAA.
The mixture was stirred for 30 min and then initiator BP was added. The molar ratio of M1: M2:
MBAA: BP was 1.00:3.00:0.02:0.04. The nitrogen bubbling was performed during the above process
to eliminate the oxygen, which prevents the radical polymerization. Then the solution was poured
into a self-made mold and irradiated under a UV lamp at 30 ◦C for 9–20 h. The obtained TSG sheets
were frozen with liquid nitrogen and finely ground into particles using a dancing mill (ALM90DM,
Nitto Kagaku Co., Ltd., Nagoya, Japan). The prepared TSG particles are a white powder.

2.3. Preparation of TSG Films

With these frozen, ground TSG particles, Uniform TSG films were prepared by a vacuum heating
press machine (Imoto machinery Co., Ltd., Kyoto, Japan) for thermal mechanical analysis (TMA)
testing. Hot pressing was conducted for 2 min at 140 ◦C under 8 MPa pressure between non-stick
sheets. This ensured the complete melting/fusion of TSG particles during film formation. A force of
4 MPa was applied and maintained for 1 min during the cooling period until room temperature was
reached. The thickness of the resultant TSG films was in the range of 200 to 300 μm.

2.4. Preparation of TSG/LLDPE/CaCO3 Composites and Films

The pellets of TSG/LLDPE/CaCO3 composites were prepared by a twin-screw extruder
(LABO PLASTOMILL 4C150, Toyo Seiki Seisaku-sho, Ltd., Tokyo, Japan), set to a speed of screw
rotation of 60 rpm and a speed of feeder rotation of 10 rpm. The extruder barrel temperature profile
was 190/200/200 ◦C from the feeder to the die end. The mixing weight ratio of TSG to LLDPE/CaCO3

was 10 to 90 wt %.
The flat films of TSG/LLDPE/CaCO3 were extruded from the T-die twin-screw extruder

(LABO PLASTOMILL MT100B type, 2D15W, Toyo Seiki Seisaku-sho, Ltd., Tokyo, Japan) using the
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resultant pellets, set to a speed of screw rotation of 9 rpm, a speed of feeder rotation of 10 rpm, and a
temperature program of 190/200/200 ◦C. To further uniformize the film thickness, a vacuum heating
press machine (Imoto machinery Co., Ltd., Kyoto, Japan) was used. Hot pressing was conducted at
200 ◦C for 1 min under 20 MPa pressure, then cooling pressing was conducted for 1 min under 10 MPa
pressure at room temperature. The hot-pressed uniform films were used for biaxial stretching, and also
punched out to produce dumbbell-shaped specimens for tensile testing.

2.5. Characterization

2.5.1. Differential Scanning Calorimetry (DSC)

The melting and crystallization behavior of TSG particles were studied using a differential
scanning calorimeter (DSC) (Q-200, TA instruments Japan Inc., Tokyo, USA) operating under a
nitrogen flow. Samples of about 5 mg were heated to 70 ◦C at a heating rate of 10 ◦C/min and held
for 1 min to eliminate the thermal prehistory. Next, samples were cooled to 10 ◦C at a cooling rate of
5 ◦C/min and held for 1 mi, and finally reheated again to 70 ◦C at the same rate. Premium hermetic
pans (TA Instruments T zero #901683.901) were used for the measurements.

2.5.2. Wide-Angle X-Ray Scattering (WAXS)

To determine the crystallinity of TSG particles, wide-angle X-ray scattering (WAXS) was
performed on a X-ray diffractometer (Ultima IV, Rigaku Corporation, Akishima, Japan) with
nickel-filtered Cu Kα radiation at a scanning rate of 5 ◦·min−1. The degree of crystallinity (Wc, %) was
evaluated according to the following formula reported by W. Ruland [29]:

WC =
Ic

Ic + Ia
× 100 (1)

where Ic and Ia are the scattering intensities of crystalline region and amorphous region, respectively.

2.5.3. Thermal Gravimetric Analysis (TGA)

The thermal stability of TSG particles was studied using a thermal gravimetric analysis (TGA)
(Q-50, TA instruments Japan Inc., Tokyo, USA) at the heating rate of 10 ◦C/min from ambient
temperature to 600 ◦C in a nitrogen atmosphere. The nitrogen flow rate was adjusted to 60 mL/min
for the sample and 40 mL/min for the balance. The sample weight was more than 10 mg.

2.5.4. Thermal Mechanical Analysis (TMA)

The dimensional properties of TSG, LLDPE/CaCO3, and TSG/LLDPE/CaCO3 were measured
using a TMA (Q-400, TA instruments Japan Inc., Tokyo, USA) operated in expansion mode of film/fiber.
The samples were heated, cooled, and held under isothermal conditions by varying the loading applied
to the samples. TMA tests were run from 10 to 70 ◦C using specimens punched out from hot-pressed
200–300 μm thick films. Test specimens were strips 20 mm long and 2 mm wide. TMA tests were run
under the following conditions with two cycles: isothermal at 10 ◦C for 5 min, 10–70 ◦C at 5 ◦C/min,
heating process force: 0.02 N, isothermal at 70 ◦C for 10 min, 70–10 ◦C at 2 ◦C/min, cooling process
force: 0.00 N.

The coefficient of linear thermal expansion (α) over a temperature range was calculated according
to the well-known formula (2):

α =
ΔL
L0

· 1
ΔT

(2)

where ΔL represents the elongation (change in length), L0 represents the initial specimen length,
and ΔT is the change in temperature [30].
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2.5.5. Pressure-Volume-Temperature (PVT) Test

The PVT tests were performed to measure the volume thermal expansion using a P-V-T test
system (MPPS-1, Toyo Seiki Seisaku-sho, Ltd., Tokyo, Japan) under 1 MPa pressure. The cooling rate
was 5 ◦C/min. In the case of TSG, the measurement was made in the 30–120 ◦C range, and with the
LLDPE/CaCO3 composite, in the 30–200 ◦C range [31,32].

2.5.6. Tensile Testing

The mechanical properties of the specimens were determined by tensile tests using a versatile
tension-testing machine (STROGRAPH VGS-1-E, Toyo Seiki Seisaku-sho, Ltd., Tokyo, Japan).
The specimens were dumbbell-shaped, punched out from hot-pressed 200–300 μm thick films,
with dimensions of 35 mm × 6 mm × 2 mm (test specimen No. 7, JIS K6251 standard). The specimens
were elongated at a constant rate of 300 mm/min until the specimens rupture at room temperature.
The tensile strength at break, the Young’s modulus, and elongation at break were evaluated from the
tensile stress-strain curves. Testing was run on a minimum of five specimens. The reported data were
the average of the results of five specimens.

2.5.7. Scanning Electron Microscope (SEM)

The morphology of TSG particles and LLDPE/CaCO3 and TSG/LLDPE/CaCO3 composite
films was observed using a scanning electron microscope (SEM) (Miniscope TM-1000, Hitachi
High-Technologies Corporation, Tokyo, Japan) at accelerating voltages of 10–15 kV. Samples were
sputter-coated with platinum-palladium for SEM analyses and observed in a magnification range
from 100× to 1000×. The sizes of TSG particles and the pores of microporous composite films were
measured from the SEM micrographs. To obtain the mean size, at least 100–150 particles and pores
were selected randomly.

2.5.8. Air Permeability Measurement

The air permeability of the biaxially-oriented microporous LLDPE/CaCO3 and TSG/LLDPE/CaCO3

films was characterized through a Gurley-type densometer (G-B3C, Toyo Seiki Seisaku-sho, Ltd.,
Tokyo, Japan), according to JIS P 8117 and ISO 5635. The time (t) for a settled volume (100 mL) of air
to pass through the sample with a fixed area (6.45 cm2) at 20–58 ◦C was measured. The temperature
cycles were defined as follows: 20 ◦C, then 50 ◦C, and 58 ◦C to finally measure the air permeability at
20 ◦C. The temperature was progressively increased and controlled by an oven sensor placed on the
flat module surface.

2.5.9. Temperature Control Experiment

To verify the controllable air permeability of TSG/LLDPE/CaCO3 composite films, temperature
control experiments were conducted using the handmade heating pouches by using the
biaxially-oriented composite films as the outer layer. Inside the heating pouch, an iron mixture
that was taken out of a commercial portable hand warmer was used. The main ingredients of the iron
mixture are iron powder, a water absorbent material, and activated carbon [33]. The oxygen and water
react with the iron powder located inside to form iron oxide and release heat. If the pouch admits more
oxygen (air), the reaction occurs more quickly, eventually, the quick release of too much heat leads to the
rapid rise in temperature. A temperature-measuring instrument (Kohjin Film and Chemicals Co., Ltd.,
Yatsushiro, Japan) was used to detect the temperature changes of the heating pouches with time.
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3. Results and Discussion

3.1. Size, Morphology, and Thermal Properties of TSG Particles

The synthesized TSG sheet and TSG particles made from frozen, ground TSG sheets are shown in
Figure 1. The SEM image of the TSG particles is shown in Figure 2. It was found that TSG particles have
a size in the range of 10 to 400 μm, and their shape is angular, like crushed stones. The DSC melting
curve for TSG particles, registered during the second heating at a rate of 10 ◦C/min, is shown in
Figure 3a. A clear single endothermal peak at 55.3 ◦C was observed, which belongs to the melting point
of TSG crystallites. Figure 3b is the intensity vs. 2θ plot for TSG particles measured by wide-angle X-ray
scattering (WAXS). The degree of crystallinity (Wc) was estimated from the areas under the curves
of the crystal region and amorphous region [29,34], and the value of Wc was about 41%, indicating
TSG particles have high crystallinity, and the crystals melt when increases the particles’ temperature to
nearly 55.3 ◦C. Figure 4 shows the thermogravimetric analysis (TGA) of TSG particles. The TGA plot
shows that the TSG particles undergo thermal degradation beginning at 206 ◦C and with a total mass
loss of 99.3%. It also shows that the temperatures at which there was a mass loss of 10 wt % (T10%)
and 50 wt % (T50%) are 305 ◦C and 381 ◦C, respectively. This suggests TSG particles have enough high
thermal durability resistance to the general polymer processing temperature and are suitable for being
used as functional fillers to develop polymer composites [3,35].

TSG sheet TSG particles 
(a) (b) 

Figure 1. TSG sheet synthesized via bulk photopolymerization (a) and TSG particles prepared by
freeze-grinding technique (b).

Figure 2. SEM micrograph of TSG particles. TSG particles have a size in the range of from 10 to 400 μm,
and their shape is angular, like crushed stones.
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Figure 3. Differential scanning calorimetry (DSC) melting curve (a) and wide angle X-ray scattering
(WAXS) (b) of TSG particles.

 

Figure 4. The weight loss vs. temperature plot and its derivative curve measured by thermogravimetric
analysis (TGA) for TSG particles.

3.2. Linear and Volumue Thermal Expansion of TSG

In Figure 5, the TMA expansion curve of the TSG is presented, showing the linear dimensional
changes versus temperature. A sharp dimension increase appears between 50 and 60 ◦C, which is near
the melting temperature of the TSG. The maximum value of the dimension change reached 3784.9 μm.
The values of the linear coefficient of thermal expansion for the temperature range 10–70 ◦C are given
in Table 1. When the temperature approaches 55 ◦C, which is in the vicinity of the melting point
of TSG, α begins to raise, signaling the beginning of the crystal melting. When the melting point is
approached, the molecular mobility of TSG chains increases and the glassy solid becomes a viscous
liquid, thus α increases rapidly from 322.2 × 10−5/◦C at 55–65 ◦C to 2817.0 × 10−5/◦C at 65–70 ◦C. After
the first cycle, the curve of the second cycle overlapped well, suggesting that the TSG has a good shape
memory property. The rapid increase of α ensures the pores decrease in size, or partially close. Hence,
introducing TSG particles into the LLDPE/CaCO3 composite having microporosity enables us to give
the film pore-size adjustment function responding to the change in temperature. Furthermore, the shape
memory property makes the reduced pores re-expand with decreasing temperature, which reveals that
the pore-size adjustment function is reversible and hopeful to sustainable applications.
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Figure 5. TMA curves of the dimensional change versus temperature obtained in the first cycle and
second cycle for the TSG.

Table 1. The coefficient of linear thermal expansion (α) at various temperature intervals obtained by
TMA measurement for TSG films.

Sample
Coefficient of Linear Thermal Expansion, α (10−5/◦C)

10–50 ◦C 55–65 ◦C 65–70 ◦C

TSG 4.5 322.2 2817.0
1 The initial specimen length L0 is 23308.3 μm at 10 ◦C.

The volume thermal expansion of TSG, and that of LLDPE/CaCO3 as a comparison,
were measured by PVT testing. The volume was calculated from specific volume obtained from PVT
results. The volumes and the change rates of volume for TSG and LLDPE/CaCO3 were summarized
in Table 2. The change rate of the volume of the TSG is 3.5 times that of the LLDPE/CaCO3 composite.
The high volume thermal expansion of the TSG near the melting temperature is critical to make the
pores smaller to control the air permeability for the microporous TSG/LLDPE/CaCO3 composite films.

Table 2. The volumes and change rates of volume for TSG and LLDPE/CaCO3 samples measured by
the PVT test.

Samples
Volume (cm3) Change Rate of Volume (%)

30 ◦C 60 ◦C 30–60 ◦C

TSG 0.443 0.459 3.530
LLDPE/CaCO3 0.391 0.395 1.111

3.3. Effect of TSG on Mechanical Properties and Thermal Expansion

Tensile stress-strain curves of LLDPE/CaCO3 and TSG/LLDPE/CaCO3 are presented in Figure 6a.
The average values of the mechanical properties are given in Table 3. The tensile strength at break,
Young’s modulus, and elongation at break of TSG/LLDPE/CaCO3 composites and non-TSG-added
LLDPE/CaCO3 composites were compared. The Young’s modulus was measured in the strain range
of 0–0.04% in which the stress is proportional to the strain. Although a decrease in tensile strength at
break was noted, the elongation of TSG/LLDPE/CaCO3 composites increased from 571% to 699%,
while the Young’s modulus maintained almost the same value with the addition of 10 wt % TSG
particles. The addition of TSG did not impair the balanced mechanical properties of the composites.
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Figure 6. Tensile stress-strain curves (a) and dimension change as a function of temperature supplied
by TMA testing (b) for LLDPE/CaCO3 and TSG/LLDPE/CaCO3 composites.

Table 3. Mechanical properties of LLDPE/CaCO3 and TSG/LLDPE/CaCO3 composites.

Samples Tensile Strength at Break (MPa) Young’s Modulus (MPa) Elongation (%)

LLDPE/CaCO3 39 ± 2 147.7 ± 0.3 571 ± 5
TSG /LLDPE/CaCO3 28.32 ± 2 145.5 ± 0.5 699 ± 5

In Figure 6b, the TMA curves of LLDPE/CaCO3 and TSG/LLDPE/CaCO3 composites are
presented. The dimension change is recorded as a function of temperature. When temperature
increases to 40 ◦C, close to the melting point of the TSG, a rapid and large increase in dimension
change occurred for TSG/LLDPE/CaCO3 composites, while for the non-TSG-added LLDPE/CaCO3

composites, the dimension change was not so obvious. The dimension change of TSG/LLDPE/CaCO3

composites at 70 ◦C reached 232.07 μm, which is 1.8 times that of LLDPE/CaCO3 composites
(129.71 μm). The total dimension change after one heating/cooling cycle increased 1.5 times from
210.94 to 314.47 μm by adding the TSG. Namely, the effect of adding the TSG on the thermal expansion
rise of the composites, which would be crucial to adjust the pore size, was clearly demonstrated.

3.4. Effect of TSG on Air Permeability

The microporous structure of the prepared LLDPE/CaCO3 and TSG/LLDPE/CaCO3 composite
films were observed by SEM. The film samples stretched 2.5 times biaxially were used and their
surfaces were observed. The biaxial stretch forms pores, and the actually-used films in commercial
products are the stretched films. In order to compare with the commercial LLDPE/CaCO3 films,
the actual application condition of 2.5 times the biaxial stretch was used to prepare the SEM samples.
Figure 7 shows their SEM micrographs. Long and narrow pores along machine direction (MD) were
observed for non-TSG-added LLDPE/CaCO3 films. The length and width of pores along MD were
5–50 μm and 5–15 μm, respectively. Clearly, the pore enlargement in the transverse direction (TD)
was limited. For TSG-added TSG/LLDPE/CaCO3 films, it was found that the limitation of pore
enlargement on TD was attenuated. Pores with a uniform size of 5–40 μm on both MD and TD were
well-formed probably due to the contribution of soft molecular chains of the TSG, benefitting from its
lower melting temperature. According to the SEM observation results, the TSG showed a significant
effect in pore size and shape adjustment.
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Figure 7. SEM micrographs of the surface for biaxially-oriented LLDPE/CaCO3 (a,b) and
TSG/LLDPE/CaCO3 (c,d) films. MD represents machine direction; (a,c) are low-magnification pictures;
and (b,d) are relatively high-magnification pictures.

To further explore the effect of TSG, the air permeability testing of LLDPE/CaCO3 and
TSG/LLDPE/CaCO3 composite films was conducted. The temperature dependence of permeability
for air transport through composite film samples with two heating/cooling cycles is presented
in Figure 8. As Figure 8 shows, the testing temperature range is 40–58 ◦C. With an increase in
temperature, permeation time per 100 mL air became longer for both LLDPE/CaCO3 (Figure 8a)
and TSG/LLDPE/CaCO3 (Figure 8b) films. The difference in permeability of LLDPE/CaCO3 films
at 40 and 58 ◦C was 900–2100 s/mL, while, for TSG/LLDPE/CaCO3 films, it was 2900–4600 s/mL,
more than twice the value of the LLDPE/CaCO3 films. That is, the addition of TSG lengthened the
permeation time more than two times when the temperature increased close to the melting point of the
TSG. The first and second testing cycles showed a similar trend. Generally, a longer time corresponds
to low air permeability, implying a smaller size of pores. This means the air permeability (pore size)
adjustment function of the TSG works very well in TSG-added TSG/LLDPE/CaCO3 films. Figure 9
represents the working mechanism related to thermal expansion and pore size readjustment for the
microporous TSG/LLDPE/CaCO3 composite films. During heating, the crystals of TSG near the pores
melt and becomes a viscous liquid, thus, the volume increases to decrease the pore size. On the other
hand, during cooling, the recrystallization of TSG crystals lowers the volume to increase the pore size
once again. The pore size adjustment behavior is reversible in response to temperature. The controllable
air permeability of microporous composite films was realized successfully by adding the TSG.
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(a) (b) 

Figure 8. Temperature-permeability dependency of LLDPE/CaCO3 (a) and TSG/LLDPE/CaCO3

(b) composite films.

Figure 9. The working mechanism related to thermal expansion and pore size readjustment for the
microporous TSG/LLDPE/CaCO3 composite films. As the temperature increases, TSG expands
and, as a result, the pore size reduces. The pore size adjustment behavior is reversible in response
to temperature.

3.5. Effect of TSG on Temperature Control

The demonstration temperature control experiments were further conducted to prove the
pore-size adjustment effect of the TSG. The heating pouches made from LLDPE/CaCO3 and the
TSG/LLDPE/CaCO3 composite films and iron mixture are shown in Figure 10. The temperature-
measuring instrument is shown in Figure 11. The experiments were conducted from the ambient
temperature. The detected temperature change with time was plotted and given in Figure 12.
The maximum temperature of using LLDPE/CaCO3 was 59 ◦C, 7 ◦C higher than that of
using TSG/LLDPE/CaCO3. After 150 min, the temperature holding was also better for using
TSG/LLDPE/CaCO3. The temperature increase was mild from 40 ◦C, and the high temperature
maintained a longer time when using TSG/LLDPE/CaCO3 composite films. This suggests less oxygen
entered the pouch to react with the iron powder to generate heat, that is, the pore size reduced
with the temperature increasing for the TSG/LLDPE/CaCO3 composite films. This is consistent
with all the results mentioned above. The addition of TSG can give the composite films’ pore-size
adjustment (controllable gas-permeability) function, and this was further proved to be feasible for
practical applications by the demonstration temperature control experiments.
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Figure 10. Hand-made heating pouches. The size of the pouches is 56 mm in length and 28 mm
in width.

 

Figure 11. Temperature-measuring instrument. Each heating pouch was closely pressed against the
temperature sensor plate inside the sealed box.

Figure 12. Temperature as a function of time for heating pouches of LLDPE/CaCO3 and
TSG/LLDPE/CaCO3 composite films.

4. Conclusions

In this work, we synthesized a novel TSG with good thermal durability and a lower melting
temperature below 60 ◦C. TSG particles with a size of 10–400 μm were also produced successfully.

81



Polymers 2018, 10, 486

The coefficient of linear thermal expansion (α) was as high as 2817.0 × 10−5/◦C at 65–70 ◦C, and the
excellent thermal expansion of TSG was revealed by TMA and PVT testing.

To effectively utilize the thermal expansion of the TSG, we proposed the usage of TSG particles to
reduce the pore size to adjust the gas permeability for breathable films under temperature simulation.
By introducing the TSG into LLDPE/CaCO3, we prepared the microporous TSG/LLDPE/CaCO3

composite films. The TSG/LLDPE/CaCO3 composite films had well-balanced mechanical properties,
their thermal expansion behavior was also clarified, according to the tensile testing and TMA results.

The SEM micrographs indicated the uniformly-porous structure and the pore size was in the
range of 5–40 μm for the TSG/LLDPE/CaCO3 composite films. The addition of TSG lengthened
the permeation time almost two time at around 60 ◦C, showing the pore size reduced due to the
thermal expansion effect of the TSG near and above the melting temperature. Furthermore, to verify
the practical feasibility of the functional TSG/LLDPE/CaCO3 composite films, we conducted the
demonstration temperature control experiments. The experimental results clearly proved the addition
of TSG offered the effect of pore-size adjustment (controllable gas-permeability), more promisingly,
the great practical value and application prospects of this strategic effect for a temperature-sensitive
breathable film was clarified.

The global functional porous membranes/films market is expected to grow during the forecast
period [36]. The major drivers of this growth will be the increasing awareness and concern for hygiene
and healthy life. With the increase in the food and beverage industry, the packaging industry will also
be affected. The breathable films for the packaging industry to maintain the quality and freshness of the
food items during the shelf period is also a quite promising application field of TSG/LLDPE/CaCO3

films, because we are able to provide a humidity adjustment function readily at the same time with the
microporous films.
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Abstract: Sheets of polycaprolactone (PCL) and ultra-high molecular weight polyethylene
(UHMWPE) were fabricated and shaped by the Single-Point Incremental Forming process (SPIF).
The performance of these biocompatible polymers in SPIF was assessed through the variation of four
main parameters: the diameter of the forming tool, the spindle speed, the feed rate, and the step
size based on a Box–Behnken design of experiments of four variables and three levels. The design of
experiments allowed us to identify the parameters that most affect the forming of PCL and UHMWPE.
The study was completed by means of a deep characterization of the thermal and structural properties
of both polymers. These properties were correlated to the performance of the polymers observed in
SPIF, and it was found that the polymer chains are oriented as a consequence of the SPIF processing.
Moreover, by X-ray diffraction it was proved that polymer chains behave differently on each surface
of the fabricated parts, since the chains on the surface in contact with the forming tool are oriented
horizontally, while on the opposite surface they are oriented in the vertical direction. The unit cell
of UHMWPE is distorted, passing from an orthorhombic cell to a monoclinic due to the slippage
between crystallites. This slippage between crystallites was observed in both PCL and UHMWPE,
and was identified as an alpha star thermal transition located in the rubbery region between the glass
transition and the melting point of each polymer.

Keywords: polycaprolactone; ultra-high molecular weight polyethylene; incremental forming; SPIF;
XRD; chain orientation

1. Introduction

In recent years, great attention has been paid to the low-cost manufacturing process known as
Incremental Sheet Forming (ISF), which can be described in a general way as a process where a plastic
deformation is applied locally and in a consecutive manner on a flat sheet until a final part with
desired geometry is obtained [1]. One of the variations of ISF is the so-called Single-Point Incremental
Forming process (SPIF), in which a simple-shaped tool moves horizontally and vertically by a toolpath
program until the desired final part is formed [2] as depicted in Figure 1. The main motivation to
further develop the SPIF process, and ISF in general, is the possibility to produce many different parts
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without the need to manufacture tooling, i.e., the toolpath defines the part geometry, so a new path
can be programmed and used without incurring costs of tool development and switchover of setup [3].
For this reason, SPIF is considered as a manufacturing process with high economic payoff for rapid
prototyping and small-batch production [4].

Figure 1. Schematic representation of the Single-Point Incremental Forming (SPIF) process.

At its inception, SPIF emerged as a process used for the fabrication of sheet metal components [2,5–7].
However, around a decade ago, the use of SPIF was extended to fabricate workpieces from polymers,
specifically thermoplastics [8–11], because of two main reasons: the structural and thermal properties
of thermoplastics make them particularly suitable to applications in which a high strength/mass
ratio and good formability are required, e.g., in the medical, aerospace, and automotive sectors.
The second important reason is that SPIF enables the deformation of polymers at room temperature.
This represents a significant cost saving because besides not requiring energy nor special equipment to
melt the polymer, a mold is not needed either.

The research on SPIF of polymers has been directed towards the development of strategies for
selecting the most appropriate polymers for SPIF [12], taking into account the ductility of the polymer
and the required level of geometrical part accuracy, and for selecting the optimal parameters for the
SPIF process. Some of the early work generated in this context was reported by Martins et al. [11],
who made the first attempt towards the development of criteria for the selection of polymers that
are suitable for SPIF by testing five different polymers: polyoxymethylene (POM), polyethylene (PE),
polyamide (PA), polyvinylchloride (PVC), and polycarbonate (PC). In this work, the authors concluded
that the feed rate, the thickness of the sheet, the diameter of the forming tool, and the step size play a
key role in SPIF of polymers. In another work developed with PVC, Bagudanch et al. [13] concluded
that the spindle speed has a significant influence on the temperature variation during the forming
process and in the maximum force achieved, in such a way that the force needed to form polymers in
SPIF is reduced as the temperature is increased.

Nevertheless, a lack of research has been detected regarding an in-depth study of the properties of
polymers, mainly the thermal and structural ones, and their correlation with their performance in SPIF.
For instance, the work reported by Martins et al. [11] studied the formability of the five thermoplastics
previously mentioned based on their mechanical properties. Similarly, Marques et al. [4] based a
study of the formability in SPIF of some polymers previously used, such as PVC, PC, and PA, and
adding polyethylene terephthalate (PET) to this study, on a merely mechanical characterization and a
qualitative consideration of the crystallinity using a classification from high-crystalline to amorphous.
Davarpanah et al. [14] quantitatively analyzed, by using Differential Scanning Calorimetry (DSC), how
different parameters varied in SPIF affect the crystallinity of polylactic acid (PLA). Lately, the use of
characterization techniques based on X-ray have allowed for the observation that polymer chains are
oriented as a consequence of the SPIF process. In a previous work, Lozano-Sanchez et al. [15] reported
the orientation of polypropylene (PP) chains and suspected a difference in the behavior of polymer
chains between the inner and outer surfaces of the analyzed sheets. This difference was related to
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different forces exerted on each surface, which was later supported by the work of Jiménez et al. [16]
who found that the residual stresses were changing from tensile to compressive along the inner and
outer surfaces of aluminum sheets processed by SPIF. Although this last work used metal sheets, it has
been assumed that the same effect occurs on any material formed by SPIF, since this effect is attributed
to the processing rather than to the material itself. Moreover, although it is widely accepted that the
friction between the forming tool and the sheet generates enough heat to soften the polymer, there is
no study that considers the thermal properties of polymers, since in thermoplastics the temperature
plays a key role in its processing.

On the other hand, only few works related to the performance of biocompatible polymers in SPIF
are found in the literature [14,17]. This represents an interesting area of opportunity considering that
most of the materials tested up to now are non-biocompatible thermoplastics, and that one of the
major advantages of SPIF is the possibility to manufacture customized products that can be applied
in the medical field. Among the biocompatible polymers, polycaprolactone (PCL) is of great interest
due to some of its properties, such as a low melting point (59–64 ◦C), exceptional blend-compatibility,
high flexibility, and a medium Young’s modulus at room temperature, which has stimulated extensive
research on its potential application in the biomedical field since 1980 [18]. Nowadays, the main
commercial application of PCL is in the manufacture of biodegradable bottles and films, but according
to Khan et al. [19], bio-medical applications, such as synthetic wound dressings, encapsulants for drug
release systems, and contraceptive implants, are becoming increasingly common. Likewise, ultra-high
molecular weight polyethylene (UHMWPE) has been widely used since the late 1960s in medical
implants, such as total joint replacements in hips and knees [20,21], due to its biocompatibility coupled
with its high strength and ductility resulting from the semi-crystalline structure of its long chains [22].
So, the use of these biocompatible polymers in SPIF have just gained interest in the last few years. For
instance, PCL has lately been used for manufacturing cranial geometries [23–25], while both PCL and
UHMWPE were included in a work in which was analyzed the influence of the main parameters, i.e.,
tool diameter, spindle speed, feed rate, and step down, in the maximum temperature reached during
the SPIF process [26].

In this work, sheets of PCL and UHMWPE were fabricated by compression molding and then
used in SPIF to fabricate pyramid-shaped parts with circular generatrix. The SPIF processing of both
polymers was conducted using a Box–Behnken design of experiments varying four parameters: the
diameter of the forming tool, the spindle speed, the feed rate, and the step down. The performance
of these biocompatible polymers in SPIF was assessed through the formability, defined in terms of
the maximum depth of the pyramid-shaped parts, the forming force, and the maximum temperature
reached during the forming process. The PCL and UHMWPE sheets were characterized before and
after being processed by SPIF in order to correlate their thermal and structural properties with the
behavior displayed in SPIF. The results here presented seek to contribute to a better understanding
of the behavior of polymers formed by SPIF in addition to encouraging the use of biocompatible
polymers to achieve the development of this process aimed at one of its most interesting potential
applications: the manufacture of custom medical implants.

2. Materials and Methods

2.1. PCL and UHMWPE Sheets Preparation

Fifty-two grams of PCL pellets (Sigma Aldrich, St. Louis, MO, USA, ≈3 mm, average Mn = 80,000)
were placed into the square cavity of a stainless steel mold with dimensions of 150 mm × 150 mm
× 2 mm. The PCL pellets were compressed at 100 ◦C by using a CARVER 4122 hydraulic heating
press (Carver Inc., Wabash, IN, USA), initially applying a load of 2 metric tons for 5 min to ensure
the melting of the material. After that, the load was increased to 30 metric tons and maintained for
2 min. Finally, the load was removed and the mold was cooled to room temperature in a cooling press
under a load of 30 metric tons as well. The fabrication of the UHMWPE sheets was carried out using
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the same procedure described before, using 46 g of UHMWPE powder (Sigma Aldrich, average Mw:
3,000,000–6,000,000) compressed at 170 ◦C in the hydraulic heating press.

2.2. Materials Characterization

The PCL and UHMWPE sheets were studied before the SPIF processing by Vicat softening
temperature (VST), differential scanning calorimetry (DSC), thermal gravimetric analysis (TGA),
dynamic mechanical analysis (DMA), and tensile tests. The VST was determined by using a
DTUL/Vicat tester model HDT-III (Custom Scientific Instruments, Easton, PA, USA). Tests were
carried out with a total load of 50 N and a heating rate of 120 ◦C/h following the guidelines of the
ASTM D-1525 standard. TGA and DSC analysis were carried out simultaneously in an SDT Q600 (TA
Instruments, New Castle, DE, USA) with a precision of the thermobalance of 0.0001 mg. For this, small
samples of about 20 mg were cut from the pre-fabricated sheets. Each sample was heated to 600 ◦C
at 10 ◦C/min under an argon flow of 100 mL/min. DMA was carried out in a Dynamic Mechanical
Thermal Analyzer model Q800 from TA Instruments used in the cantilever mode with a frequency
of 1 Hz and amplitude of 20 μm. DMA was performed to determine the viscoelastic behavior of the
materials through the measurement of the storage modulus (E’), loss modulus (E”), and loss factor (tan
δ = E”/E’) over a temperature range of 30–70 ◦C for PCL, and 30–150 ◦C for UHMWPE, with a heating
rate of 5 ◦C/min in both cases. The tensile tests were performed in a United universal testing machine
equipped with a load cell of 4450 N, according to the ASTM 638 standard, using specimens of type
1. An extensometer was employed to measure the elongation of the specimens. The used rate was
50 mm/min for the analysis of the tensile strength and 5 mm/min for the modulus calculation. The
initial separation between gags was 114 mm. The mechanical tensile properties of PCL and UHMWPE
were taken as the average values obtained from a total of five specimens tested of each polymer. Some
selected final parts fabricated by SPIF were analyzed by X-ray diffraction (XRD). The XRD analyzes
were performed on a Empyrean diffractometer (PANalytical, Almelo, Netherlands) equipped with a
Bragg–Brentano module and by using a X-ray tube source of Cu Ka radiation (λ = 1.5406 Å) operated
at 40 kV and 45 mA. The diffraction patterns were obtained over the 2θ range of 5◦–60◦ with steps of
0.02◦ and 50 s per step.

2.3. SPIF of PCL and UHMWPE Sheets

SPIF of PCL and UHMWPE sheets was conducted in a Kondia®HS1000 three-axis milling machine
(Kondia, Spain). A fixed system consisting of a hollow support die was bolted over a dynamometer.
The polymer sheets were placed between the clamping and the top plates with an effective working
area of 120 mm × 120 mm. The incremental forming was made with a hemispherical Vanadis 23
steel tool. Around 5 mL of vegetable oil was spilled on the testing sheet in order to decrease friction
effects between the forming tool and the testing material. The performance of the polymer sheets was
evaluated through a Box–Behnken (BB) design of experiments considering four variables. BB designs
are three-level designs that allow for fitting second-order response surfaces efficiently. The considered
parameters and levels are listed in Table 1.

Table 1. Parameters and levels considered in the Box–Behnken (BB) design for SPIF of PCL and
UHMWPE sheets.

Parameter −1 0 1

Dt (tool diameter, mm) 6 10 14
S (spindle speed, rpm) 0 1000 2000
F (feed rate, mm/min) 1500 2250 3000
Δz (Step down, mm) 0.2 0.35 0.5

The BB design with four factors consists of 27 experimental runs (Table 2) that can be split into
three blocks with one center point at each block. During the SPIF processing, the force in the z-axis (Fz)
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was measured by using a Kistler 9257B dynamometer and the temperature of the polymer sheets was
measured with an Irbis ImageIR 3300 thermographic camera (InfraTec GmbH, Dresden, Germany).
A summary of the experimental methodology used in this work is displayed in Figure 2.

Table 2. List of 27 experiments for SPIF of PCL and UHMWPE sheets.

Exp. Tool Diameter, Dt (mm) Spindle Speed, S (rpm) Feed Rate, F (mm/min) Step down, Δz (mm)

1 6 0 2250 0.35
2 6 2000 2250 0.35
3 14 0 2250 0.35
4 14 2000 2250 0.35
5 10 1000 1500 0.20
6 10 1000 1500 0.50
7 10 1000 3000 0.20
8 10 1000 3000 0.50
9 6 1000 2250 0.20
10 6 1000 2250 0.50
11 14 1000 2250 0.20
12 14 1000 2250 0.50
13 10 0 1500 0.35
14 10 0 3000 0.35
15 10 2000 1500 0.35
16 10 2000 3000 0.35
17 6 1000 1500 0.35
18 6 1000 3000 0.35
19 14 1000 1500 0.35
20 14 1000 3000 0.35
21 10 0 2250 0.20
22 10 0 2250 0.50
23 10 2000 2250 0.20
24 10 2000 2250 0.50
25 10 1000 2250 0.35
26 10 1000 2250 0.35
27 10 1000 2250 0.35

Figure 2. Summary of the experimental methodology.
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3. Results and Discussion

3.1. Characterization of PCL and UHMWPE Sheets

The thermal properties of the PCL and UHMWPE sheets were studied by DSC, TGA, and Vicat
test. From the Vicat test, the corresponding analysis determined that the Vicat softening temperature
(VST) for PCL and UHMWPE is around 44 and 90 ◦C, respectively. The VST is considered as the
temperature at which a specimen is penetrated to a depth of 1 mm by a flat-ended needle with a 1 mm2

circular or square cross-section. Is worth mentioning that the VST is a specific temperature value,
while the melt point of thermoplastic polymers is usually taken within a whole range of temperature.
So, for applications in SPIF, it will be more useful to consider the VST to analyze the formability of
polymers once the sheet reaches the VST due to the friction caused by the contact between the sheet
surface and the forming tool. The DSC and TGA curves for PCL are shown in Figure 3. The melting
behavior of PCL displayed in Figure 3a shows a melting peak around 71 ◦C. From the TGA curve
(Figure 3b), it can be observed that PCL shows a degradation step in the range from 394 to 433 ◦C, with
a temperature of maximum decomposition rate of 409 ◦C. These results agree with the values reported
in the literature [19,20].

Figure 3. (a) DSC and (b) TGA plots of PCL.

The DSC and TGA curves of UHMWPE are shown in Figure 4a,b, respectively. The DSC curve
shows a melting peak at around 139 ◦C. On the other hand, the TGA curve also shows a single-step
degradation behavior in the range from 467 to 494 ◦C, with a temperature of maximum decomposition
rate around 484 ◦C. The higher thermal stability of UHMWPE compared to PCL is attributed to its
longer polymer chains. The thermal properties of the two polymers are summarized in Table 3.

Table 3. Thermal properties of PCL and UHMWPE.

Sample VST (◦C) Tm (◦C)
Temp. of Initial

Decomposition (◦C)
Temp. of Maximum

Decomposition Rate (◦C)

PCL 44.3 71.3 394.6 409.0
UHMWPE 89.7 138.9 467.3 483.5

DMA results of PCL in the temperature range of 30–70 ◦C are shown in Figure 5 for the
temperature dependence of the storage (E’) and loss (E”) moduli and the loss factor (tan δ). Observed at
the initial temperature of the analysis were values of E’ and E” equal to 528 and 113.7 MPa, respectively.
The curve of E” shows a peak that has been attributed to a transition occurring in the polymer
associated with the slippage between crystallites. This type of transition has often been identified as
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an alpha star transition (Tα*) and detected in semicrystalline polymers [27]. This peak has a maximum
value at 43.6 ◦C, which is close to the VST previously determined for PCL. The alpha star transition
was not detected by DSC because DMA is much more sensitive and can easily measure transitions not
apparent in other thermal methods. This Tα* can be correlated with the VST if it is considered that at
a temperature around 44 ◦C there is a crystal–crystal slippage within the PCL, which facilitates the
penetration of the needle in the VST test. The curve of tan δ shows a peak at 68.8 ◦C, which corresponds
to the melting temperature (Tm) and is similar to that previously measured by DSC.

Figure 4. (a) DSC and (b) TGA plots of UHMWPE.

Figure 5. DMA graphs of PCL.

Figure 6 shows the DMA results of UHMWPE. Similar to what occurs with PCL, the E” curve
of UHMWPE exhibits a peak at 55.6 ◦C, which can also be identified as an alpha star transition
associated with the slippage between crystallites, considering that it is a semicrystalline polymer
as well. Unlike PCL, the values of VST and Tα* of UHMWPE differ considerably from each other.
This can be attributed to the presence of long molecular chains in UHMWPE, so that even when there
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is a crystal–crystal slippage at around 55 ◦C, it becomes more complicated to move or pass through a
polymer composed of long chains that must also be highly entangled as occurs in UHMWPE. Therefore,
it is necessary to continue heating to allow for sufficient movement of the long chains so that the VST
test needle penetrates in the UHMWPE structure. The Tm obtained by DMA, taken as the peak of the
tan δ curve (i.e., 131.2 ◦C), is similar to that obtained by DSC.

Figure 6. DMA graphs of UHMWPE.

The storage and loss moduli of PCL and UHMWPE have been plotted together in Figure 7, and
the tan δ curves are shown in the inset graph. For both polymers, E′ reduced gradually as temperature
increased, which is typical in thermoplastics and represents that less force is required for deformation;
however, it is observed that E′ of PCL decreases more sharply and UHMWPE displays higher E’ values
meaning a more rigid structure. In other words, based on the DMA results it would be more difficult to
plastically deform UHMWPE than PCL. In the inset figure, the tan δ curve of PCL shows a pronounced
increase as it approaches the Tm, unlike the tan δ curve of UHMPE that exhibits a continuing increase
throughout the whole temperature sweep. The temperature transitions in UHMWPE, specifically the
melting transition, occur more gradually due to the presence of long molecular chains in a manner
that before the melt is reached, i.e., where large-scale chain slippage occurs and the material flows, the
coiled long chains must be disentangled first.

The results from tensile tests of PCL and UHMWPE are graphically shown in Figure 8. For this,
the graph of only one specimen of each material was taken, but it is properly representative of the
behavior observed in all the specimens tested. During the tensile test, PCL shows a decrease in strength
after the yield point, although it is maintained in a stable value. This behavior is typically observed
when the specimen undergoes a necking effect. On the other hand, UHMWPE shows a continuous
increase of the supported tensile stress after the yield point, which is clear evidence that a strain
hardening effect occurs in the specimen. The inset graph in Figure 8 represents the initial stage of the
stress versus strain curve, where a higher Young’s modulus is observed in UHMWPE indicating a
more rigid material as was also observed by DMA. The mechanical properties from the tensile tests are
summarized in Table 4. From these data, it was determined that the ultimate tensile strength of PCL
and UHMWPE was 16.4 and 20.2 MPa, respectively. It is worth mentioning that the tensile strength of
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UHMWPE was taken at a point on the stress versus strain curve near where the plastic deformation
begins, so the strain hardening effect is not considered (see Figure 8). Both materials showed a highly
ductile behavior with an average elongation at the end of the test of more than 450% and 340% for PCL
and UHMWPE, respectively. Moreover, due to the strain hardening effect observed in UHMWPE, it is
clear that it has higher toughness than PCL.

Figure 7. Storage and loss moduli from DMA for PCL and UHMWPE. The inset graph corresponds to
the plots of tan δ.

Figure 8. Tensile tests of PCL and UHMWPE.
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Table 4. Mechanical properties of PCL and UHMWPE from uniaxial tensile tests.

Sample Young’s Modulus (MPa) Yield Strength (MPa) Elongation (%)

PCL 374.7 16.4 451.2
UHMWPE 445.3 20.2 343.0

3.2. SPIF of PCL and UHMWPE Sheets

The results obtained from the BB design of experiments were statistically analyzed by means
of the response surface methodology; however, a behavior similar to that previously reported by
Bagudanch et al. [26] was found even when the PCL and UHMWPE sheets corresponded to polymers
with different properties to those used in this work. So, the detailed analysis of the response surface
methodology can be reviewed in detail in [26]. In the present work, the effect that the parameters
considered in the design of experiments have when processing PCL and UHMWPE by SPIF will be
briefly analyzed by using box diagrams in order to make a correlation between the behavior shown in
the forming process and the properties studied by the different characterization techniques used here.

The maximum formed depth (in percentage), forming force in the z-axis (Fz), and maximum
temperature reached (Tmax) in each test done from the BB design of experiments are summarized in
Table 5 for the PCL sheets and in Table 6 for the UHMWPE sheets. For convenience, the conditions
of each test (enlisted previously in Table 2) have been listed again. The results for PCL (see Table 5)
show that most of the experiments reached a depth of 100%. The images in Figure 9 represent sheets of
PCL completely formed and with failure. The pyramid-shaped part of Figure 9b corresponds to the
sheet formed under parameters of experiment #15, which failed at a depth of 95%. This experiment is
particularly interesting because it registered the maximum temperature (67.52 ◦C) among all of the tests
made with PCL, which caused a very irregular surface as observed on the walls of the pyramid-like
part. The temperature reached in this experiment is close to the Tm of PCL, so that at the end of the
SPIF processing, the polymer likely behaved more as a viscous liquid than as a solid.

Figure 9. Pyramid-shaped parts made of PCL. (a) Sheet completely formed; (b) Sheet with failure.

From the design of experiments, it was found that Dt and S are the parameters that mostly affect
Fz and Tmax. The box diagrams displayed in Figures 10 and 11 show the tendency of Tmax and Fz,
respectively, in PCL as an effect of Dt and S. The effect of the feed speed and the step size (data
not shown) was found to be negligible for Tmax and Fz. It is noticed that Tmax increases as Dt is
increased (see Figure 10a). When a forming tool of larger diameter is used, the area in contact with the
polymer sheet increases, generating a greater friction between both surfaces and consequently a higher
temperature. A similar behavior associated with the friction occurs when S is varied (see Figure 10b),
since there is more friction between surfaces when the tool rotates faster, i.e., the temperature increases
when S is increased. In fact, it has been reported that the spindle speed has the most important role in
the temperature variation in the SPIF of polymers [13].

94



Polymers 2018, 10, 391

Table 5. SPIF results of PCL sheets.

Exp. Dt (mm) S (rpm) F (mm/min) Δz (mm) Depth (%) Fz (N) Tmax (◦C)

1 6 0 2250 0.35 100 213.31 41.50
2 6 2000 2250 0.35 100 431.23 53.23
3 14 0 2250 0.35 100 192.02 45.32
4 14 2000 2250 0.35 100 323.42 61.90
5 10 1000 1500 0.20 100 308.92 50.91
6 10 1000 1500 0.50 100 299.78 49.23
7 10 1000 3000 0.20 100 298.03 49.13
8 10 1000 3000 0.50 100 309.45 49.11
9 6 1000 2250 0.20 100 301.49 50.16
10 6 1000 2250 0.50 100 193.24 45.76
11 14 1000 2250 0.20 100 362.43 50.90
12 14 1000 2250 0.50 100 196.85 49.67
13 10 0 1500 0.35 100 362.68 54.84
14 10 0 3000 0.35 100 366.14 52.25
15 10 2000 1500 0.35 95.08 262.67 67.52
16 10 2000 3000 0.35 100 324.69 47.13
17 6 1000 1500 0.35 100 262.24 58.27
18 6 1000 3000 0.35 100 287.48 50.04
19 14 1000 1500 0.35 100 214.77 48.69
20 14 1000 3000 0.35 100 348.03 52.77
21 10 0 2250 0.20 100 203.74 41.69
22 10 0 2250 0.50 100 362.48 52.58
23 10 2000 2250 0.20 100 354.03 64.50
24 10 2000 2250 0.50 100 274.20 53.75
25 10 1000 2250 0.35 100 327.08 46.35
26 10 1000 2250 0.35 100 273.95 56.94
27 10 1000 2250 0.35 100 291.83 51.56

Figure 10. Box diagrams of Tmax (in ◦C) for PCL as a function of (a) Dt and (b) S.

On the other hand, Fz increased with larger Dt (see Figure 11a). This could be a result of the
higher contact area between the forming tool and the polymer sheet, and with this, there is a greater
amount of material that must be pushed down. Meanwhile, the force is reduced as S is increased (see
Figure 11b), which can be directly associated with the softening of the polymer as a consequence of the
temperature increase due to the friction between the tool and the polymer sheet as was mentioned
before. In general, when the temperature is increased, the forming force is reduced because the polymer
undergoes a softening.
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Figure 11. Box diagrams of Fz (in N) for PCL as a function of (a) Dt and (b) S.

For the case of UHMWPE, Table 6 shows that most of the sheets tested in SPIF formed to 100% of
the final geometry; however, more sheets fractured compared to PCL. Figure 12 shows a pyramid-like
part completely formed and and another with failure. At first sight, it is observed that the geometric
precision of the pyramids is low since the shape of the manufactured parts has a curvature in the walls
that is very different from that originally designed by the toolpath.

Figure 12. Pyramid-shaped parts made of UHMWPE (a) Sheet completely formed; (b) Sheet
with failure.

An increase of S leads to a remarkable rise of the heat generated due to the tool–sheet friction
as determined from the values of Tmax measured with rotation of the tool. In this regard, in some
experiments with UHMWPE sheets, Tmax values of up to 120 ◦C were reached with S = 2000 rpm,
while for some experiments without rotation, the Tmax registered was below 50 ◦C. In general, the
values of Tmax measured for the UHMWPE sheets show more variation than that observed in the
experiments with PCL, as it can be seen in the box diagrams of Figure 13, and additionally, there is
not a clear tendency of Tmax as a function of Dt (see Figure 13a), so it could be stated that the long
chains of UHMWPE can generate a random behavior during the SPIF processing. Nonetheless, it can
be still concluded that Tmax increases as S increases (Figure 13b), which reaffirms that, regardless of
the molecular structure of the polymer, S is the parameter in SPIF that most influences the temperature
reached in the sheet.
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Table 6. SPIF results of UHMWPE sheets.

Exp. Dt (mm) S (rpm) F (mm/min) Δz (mm) Depth (%) Fz (N) Tmax (◦C)

1 6 0 2250 0.35 96.72 503.16 83.82
2 6 2000 2250 0.35 96.72 433.23 120.36
3 14 0 2250 0.35 100 1003.60 48.24
4 14 2000 2250 0.35 100 619.47 120.85
5 10 1000 1500 0.20 100 685.67 60.89
6 10 1000 1500 0.50 100 617.41 67.63
7 10 1000 3000 0.20 100 713.51 75.75
8 10 1000 3000 0.50 100 641.53 75.03
9 6 1000 2250 0.20 100 494.03 107.84
10 6 1000 2250 0.50 100 452.33 70.01
11 14 1000 2250 0.20 100 799.40 102.14
12 14 1000 2250 0.50 100 785.14 104.01
13 10 0 1500 0.35 100 831.28 48.95
14 10 0 3000 0.35 100 754.38 52.71
15 10 2000 1500 0.35 83.61 658.87 83.06
16 10 2000 3000 0.35 84.43 577.47 85.39
17 6 1000 1500 0.35 100 466.49 79.48
18 6 1000 3000 0.35 100 449.15 75.89
19 14 1000 1500 0.35 100 742.55 101.54
20 14 1000 3000 0.35 100 745.89 105.94
21 10 0 2250 0.20 100 782.94 55.55
22 10 0 2250 0.50 79.07 580.94 84.80
23 10 2000 2250 0.20 100 788.07 51.23
24 10 2000 2250 0.50 100 653.74 85.46
25 10 1000 2250 0.35 100 665.85 67.52
26 10 1000 2250 0.35 100 660.19 65.57
27 10 1000 2250 0.35 100 699.30 62.69

Figure 13. Box diagrams of Tmax (in ◦C) for UHMWPE as a function of (a) Dt and (b) S.

The Fz in UHMWPE shows the same tendency previously observed in PCL as a function of Dt

and S, i.e., Fz increases as Dt increases (Figure 14a) and decreases as S increases (Figure 14b), which is
attributed to the same as discussed earlier for the case of PCL, i.e., a greater Dt represents a greater
amount of material pushed down, and so the Fz is higher, while a higher S generates more heat due
the friction between the tool and the sheet, which in turn softens the polymer, and consequently Fz

is reduced.
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Figure 14. Box diagrams of Tmax (in ◦C) for UHMWPE as a function of (a) Dt and (b) S.

3.3. Characterization by XRD after the SPIF Processing

Pyramid-shaped parts of PCL and UHMWPE formed by SPIF were analyzed by XRD in order
to assess the molecular chain orientation as a result of the SPIF processing. In a previous work,
Lozano-Sánchez et al. [15] observed by small- and wide-angle X-ray scattering (SWAXS) the orientation
of Polypropylene chains in the vertical direction of cone-shaped parts as a result of SPIF processing.
Nonetheless, it should be pointed out that the SWAXS analysis is completed through-thickness of
the sample. Here, XRD was used to separately analyze the inner and outer surfaces of the wall of
the pyramid-shaped parts based on the fact that compressive and tensile stresses are exerted on each
side of sheets formed by SPIF as was previously concluded by Jiménez et al. [16]. Due to the large
amount of samples formed from the design of experiments, the XRD analysis was completed in the
pyramid-like parts obtained from only four different experiments: 9, 10, 11, and 12, which vary Dt and
Δz from the lowest value to the highest (Dt = 6, 14 mm; Δz = 0.2, 0.5 mm), and the spindle speed and
feed rate remained unchanged and in the middle value (see Table 2). Only variations of Dt and Δz
were considered since these parameters directly influence the shaping of the polymer in the vertical
direction, i.e., the direction of descent of the forming tool, during SPIF processing.

For the XRD analysis, a rectangular sample was taken from the wall of the pyramid-shaped
parts. All of the samples analyzed correspond to the side opposite to the descent side of the forming
tool. The samples were first analyzed in one direction with respect to the X-ray incident beam, and
then a second analysis was completed after rotating the sample 90◦ as is schematically illustrated in
Figure 15. This rotation of the samples was done in order to detect differences in the intensity of the
diffraction peaks associated with the crystallographic planes of the polymer unit cell, mainly the {hk0}
plane groups, that is, those that are parallel to the c-axis. If the molecular chains of the polymer are
preferably oriented in one direction, a greater intensity could be seen in the diffraction peaks since the
planes would also be elongated in the longitudinal axis of the oriented polymer chains, i.e., along the
c-axis. Here, it should be emphasized that x, y, z coordinates are used as reference directions in the
pyramid-shaped parts, where z corresponds to the vertical direction or the direction of descent of the
forming tool, being x and y the directions of the horizontal plane, while the a, b, c coordinates are used
as reference directions for the crystal unit cell for both PCL and UHMWPE crystalline structures.

First, the XRD patterns of the PCL and UHMWPE reference samples, i.e., unformed sheets,
are shown in Figure 16a. These samples were analyzed in only one side considering that they are
unformed, so the existence of inner and outer surfaces does not apply. In fact, it is expected that there
is no difference in the order of the molecular chains on both sides of the unformed sheets. The XRD
patterns show peaks of the diffraction planes (110) and (200) of the orthorhombic unit cell in around
21.4◦ and 23.7◦, respectively, for both PCL and UHMWPE. The pattern of PCL shows a small peak
at 22◦ associated with planes (111), which are also of the orthorhombic unit cell [28]. From these
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XRD patterns, it is concluded that both polymers have a semi-crystalline structure, evidenced by
the well-defined, high-intensity peaks observed, which correspond to the crystalline part, and to
the wide, low-intensity signal that can be seen at 2θ angles below 21◦, which corresponds to the
amorphous part. As was expected, the XRD patterns of the unformed sheets of PCL and UHMWPE
show no difference between the measurements made at 0◦ and 90◦, indicating that there is no chain
orientation in these samples. The diffraction planes (110) and (200) of an orthorhombic unit cell are
schematically represented in Figure 16b. It should be noted that the polymer chains extend along the
c-axis. The structures of the repeat unit of PCL and UHMWPE are shown in Figure 16c. A repeat unit
corresponds to each of the gray spheres that make up the orthorhombic cell shown in Figure 16b.

Figure 15. Configuration of the XRD analysis on a rectangular sample taken from the wall of the
pyramid-shaped parts. The analysis were identified as “0◦” and “90◦” after rotation of the analyzed
specimen as illustrated.

Figure 16. (a) XRD patterns of PCL and UHMWPE reference samples, i.e., unformed sheets;
(b) Schematic representation of planes (110) and (200) of an orthorhombic crystal cell; (c) Repeat
units of PCL and UHMPWE. A repetitive unit is located in each of the gray points that form the
orthorhombic unit cell in (b).
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The XRD patterns of the PCL final parts fabricated through the experiments 9, 10, 11, and 12 are
shown in Figure 17. The dotted lines correspond to the measurements made on the inner surface and
the solid lines to those made on the outer surface of the wall of the pyramid-shaped parts. The XRD
patterns of formed parts still show the peaks of (110) and (200) planes at around 21.4◦ and 23.7◦,
respectively. However, the peak attributed to the (111) plane is rather observed as an overlapped
shoulder with the (110) peak, which evidenced a reduced crystallinity in the formed samples compared
to the unformed sheet (i.e., reference PCL, see Figure 16a). In fact, some peaks show a clear broadening
that also proves a reduction in crystallinity. In addition, it is possible to observe a clear shift of the
diffraction peaks in the XRD patterns of the PCL formed sheets, which is due to the inherent curvature
in the final parts resulting from the forming process. For a structural comparison between the analyzed
samples, this shift will be dismissed and attention will be paid only to the maximum intensities and
width of the peaks.

Furthermore, the XRD patterns in Figure 17 demonstrate a different molecular behavior between
the inner and outer surfaces, except in experiment 10 where diffraction patterns are practically equal.
This different behavior is more evident in experiments 11 and 12, where patterns of the outer surface
are wider than those of the inner surface. In fact, in “Exp. #12”, the broad peaks obtained on the
outer surface show a crystallinity that is well below the crystallinity observed on the inner surface.
Interestingly, on the outer surface, the patterns obtained at 0◦ are more intense than those obtained at
90◦, proving that PCL molecular chains are oriented in the vertical direction of the pyramid-shaped
parts, that is, the direction of descent of the forming tool, according to the experimental setup used in
this work for the XRD analysis (see Figure 15). On the other hand, the XRD patterns obtained on the
inner surface show more intense peaks at 90◦ than at 0◦, especially in experiments 9 and 11, indicating
that in the inner surface, the PCL chains are preferentially oriented in the horizontal direction. These
results suggest that PCL molecular chains are oriented horizontally in the inner surface due to the
action of the forming tool, because it moves almost completely along the x and y directions (except for
the small region where the tool steps down) and in this movement it could be “pulling” the molecular
chains in the same direction. The difference between the patterns obtained at 0◦ and 90◦ on the inner
surface is small, perhaps due to the fact that the movement of the forming tool is alternating, that is, a
bidirectional contouring, which would be inhibiting a greater chain orientation.

In the outer surface, the polymer chains are not in contact with the forming tool, but these are
incrementally stretched along the vertical direction at the same time and in the same way as the
pyramid-shaped part is incrementally formed. As was mentioned before, the orientation of polymer
chains in the vertical direction was observed by means of SWAXS in polypropylene sheets [15];
however, in those previous results, the horizontal orientation of chains in the inner surface could not
be observed because the SWAXS analysis is performed through-thickness of the sheet. Nonetheless, in
that previous work the authors obtained a hint of the difference in molecular behavior of the polymer
between the inner and outer surfaces when they noticed a whitening on the polypropylene sheets
after the SPIF processing and highlighted that this whitening only occurred on the outer surface of the
formed parts. This whitening has also been observed in PVC [4], and is attributed to a crazing effect,
which, according to McLeish et al. [29], is related to the disentanglement of chains.

Figure 18 shows the XRD patterns in the 2θ range from 16◦ to 26◦ of the pyramid-shaped parts of
UHMWPE. The shift of peaks is more evident than in the case of the PCL sheets because the curvature
of the UHMWPE parts is greater than in the parts of PCL, as can be observed in the pyramid parts
shown in the images of Figures 9 and 12. All patterns of the UHMWPE formed sheets show the peaks
of (110) and (200) planes, and it is evident that both surfaces, inner and outer, behave differently when
they are processed by SPIF. Regarding the inner surface, in experiments 9 and 10, the patters obtained
at 90◦ are more intense than those at 0◦, suggesting that polymer chains are oriented horizontally,
similar to what happens with PCL. However, in experiments 11 and 12, the opposite occurs, i.e., the
peaks at 0◦ are more intense, indicating that in the formed parts fabricated through these experiments,
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the polymer chains are preferentially oriented along the vertical direction. Experiments 11 and 12 were
performed with the larger Dt, which should contribute to this difference in chain orientation.

Figure 17. XRD patterns of PCL sheets formed by SPIF through experiments (a) #9; (b) #10; (c) #11; and
(d) #12. The XRD analysis was carried out separately for the inner surface (in contact with the forming
tool) and the outer surface (not in contact with the forming tool) according to the experimental setup
described in Figure 15.

Regarding the outer surface, the XRD patterns of UHMPWE formed parts show a slight difference
in intensities between the measurements obtained at 0◦ and 90◦ in experiments 9, 10, and 11, but in
experiment 12, the difference in intensities is more marked, being greater for the measurement carried
out at 0◦, which indicates that the polymer chains are oriented in the vertical direction. It is worth
noting that in experiments 9 and 10, the patterns obtained on the outer surface show a peak in the 2θ
range of 19.3◦–19.7◦, which is associated to the (001) diffraction plane of the monoclinic structure of
UHMWPE [30]. Thus, it is possible to infer that the movement of chains in a preferential direction
generates a distortion in the initial orthorhombic unit cell. In fact, a monoclinic unit cell differs from
an orthorhombic in only one of the angles between planes, specifically the angle β between the cell
parameters a and c, being β �= 90◦ in the monoclinic unit cell, and β = 90◦ in the orthorhombic unit
cell. This distortion in the unit cell, which is schematically represented in Figure 19, can be related to
the slippage between crystallites that was previously detected by DMA and identified as the alpha
star transition. Such distortion of the unit cell was not observed in PCL, probably due to the fact
that the crystalline region of the UHMWPE is more compact because it contains a linear structure
with carbon-carbon bonds in the main chain while the structure of PCL contains carbonyl groups (see
Figure 16c).
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Figure 18. XRD patterns of UHMWPE sheets formed by SPIF through experiments (a) #9; (b) #10;
(c) #11; and (d) #12. The XRD analysis was carried out separately for the inner surface (in contact
with the forming tool) and the outer surface (not in contact with the forming tool) according to the
experimental setup described in Figure 15.

Figure 19. Schematic representation of the distortion from the orthorhombic unit cell to a monoclinic
unit cell.
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The chain orientation in the outer surface of the UHMWPE formed parts was less than that
observed in the PCL ones because of the larger size of the UHMWPE chains. The forming tool
generates the movement of chains on the surface of the sheet that is in direct contact with the tool
(i.e., the inner surface). This produces a rearrangement of the polymer chains that continues along the
thickness of the sheet, that is, towards the outer surface. However, this rearrangement requires the
movement of the long, coiled chains of UHMWPE, which is hardly carried out. In fact, the DMA results
showed that in UHMWPE, more energy is lost due to friction and internal movements compared to
PCL (the loss modulus, E”, of UHMWPE is higher); however, the tan δ curve of UHMWPE showed
a gradual increase as the temperature is also increased, while that of PCL increased more abruptly.
Considering that tan δ is a measure of how efficiently a material loses energy due to molecular
rearrangements, these results indicate that in the case of UHMWPE, the lost energy is scarcely used
for molecular rearrangement, while in PCL the opposite occurs, mainly as it approaches the melting
temperature where the energy is efficiently harnessed for molecular motion and the consequent flow
of the material.

In order to analyze how the parameters Dt and Δz affect the chain orientation in the formed parts,
Figure 20 presents the values of the ratio I0/I90 for the diffraction peak associated to the (110) plane,
where I0 corresponds to the maximum intensity obtained in the measurement at 0◦ and I90 corresponds
to the maximum intensity in the measurement at 90◦. In this way, a value of I0/I90 = 1 represents that
the polymer chains are not oriented in a preferential direction, a value of I0/I90 >1 indicates that the
chains are oriented vertically in the pyramid-shaped parts, and I0/I90 <1 indicates that the chains
are oriented horizontally. If the value of I0/I90 is farther from 1, it means that the chain orientation
is greater. The graphs show the results for the inner surface (small internal square) and for the outer
surface (large external square). The central red values represent the I0/I90 ratio of the corresponding
reference sample (unformed sheet) of each polymer. This value for PCL and UHMWPE is close to 1,
since the polymer chains are not oriented in these unformed sheets as was mentioned before.

Figure 20. Values of the ratio I0/I90 for the diffraction peak associated to the (110) plane (a) PCL;
(b) UHMWPE; where I0 is the maximum intensity in the measurement at 0◦ and I90 is the maximum
intensity in the measurement at 90◦ according to the experimental setup described in Figure 15.

As has been discussed, in the formed parts of PCL, the molecular chains are preferentially
oriented in the horizontal direction in the inner surface. The experiment performed with Dt = 6 mm
and Δz = 0.2 mm generates the greater orientation of chains in the inner surface. One can think that a
small tool concentrates the pulling of chains in a smaller region, and thus the crystalline parts of the
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polymer are oriented in the feed direction of the tool. A larger Dt implies a less-concentrated molecular
movement, so that it could be causing the movement of a large amount of crystalline parts, but also of
a large amount of the amorphous part of the polymer. To some extent, a small Δz also represents a way
of concentrating the movement of chains in a small size region. If the step size is small, in a second step
down, the chains of the previous step can still be pulled by the forming tool, something that would not
happen if the step size were larger, where the chains that were pulled in a previous step would hardly
be affected by the displacement of the tool in the subsequent steps. Based on the aforementioned, a
smaller Δz causes a higher chain orientation, although this parameter is not as significant as Dt is for
the orientation of chains in the inner surface.

Concerning the outer surface, Dt causes the most marked impact in the orientation of chains,
which could be attributed to the same reason explained before regarding the large amount of material
that is pulled by the forming tool when its diameter is larger. However, in the outer surface the
orientation is preferentially towards the vertical direction of the pyramid-shaped parts because on this
surface, the tool path in the x-y plane does not have an impact. Therefore, regardless of the direction,
the orientation of polymer chains in the outer surface is higher than in the inner surface because in the
outer surface the polymer is pulled only in one direction, that is, downwards.

In the case of UHMWPE, the parameter that most influences the orientation is Dt. For a polymer
that contains very long chains, such as UHMWPE, a tool of greater diameter creates a greater contact
area between the tool and the surface of the sheet, which can be a more significant parameter compared
to a polymer whose chains are not that big (the case of PCL). On the inner surface, a small Dt generates
the horizontal orientation, while the larger Dt gives rise to the vertical orientation. The orientation of
the chains on the outer surface is less evident than in the case of the PCL due to the energy lost by the
molecular rearrangement from the inner surface to the outer one. Only a combination of parameters
consisting of the largest Dt and the largest Δz is able to generate a greater orientation on the outer
surface because one could think that in this way a greater amount of material is pulled down and so a
greater molecular rearrangement among the UHMWPE chains takes place.

The characterization of PCL and UHMWPE performed in this work before and after being
processed by SPIF has revealed important thermal and structural properties that certainly should be
considered when forming thermoplastics by SPIF. Even though the XRD analyzes were imprecise due
to the curvature of the samples evaluated, this characterization technique allowed us to separately
study the surface of the sheet that is in contact with the forming tool and the opposite surface that
is not, and in this manner, it was clearly revealed that polymer chains behave differently on each
surface. It is strongly believed that the use of techniques such as DMA and XRD may become a
very useful tool for SPIF of polymers and that the results presented here can be extended to other
semicrystalline thermoplastics.

4. Conclusions

In summary, sheets of the biocompatible polymers PCL and UHMWPE were fabricated by
compression molding and shaped by SPIF with pyramid-like geometry through a BB design of
experiments in which four parameters were varied. The performance of PCL and UHMWPE in SPIF
was evaluated in terms of the maximum depth, Fz, and Tmax reached during the SPIF processing.
The results indicated that Fz, and Tmax are mostly affected by the tool diameter and the spindle speed.

The thermal and structural properties of the polymers used were thoroughly studied. DMA
revealed the existence of an alpha star transition (Tα*) occurring in both polymers. During SPIF
processing, it is key to reach the temperature of this transition for the forming of PCL and UHMWPE
since it is associated with slippage between crystallites. XRD results proved that the polymer chains
are preferentially oriented in different directions in the inner and outer surfaces of the pyramid-shaped
parts. In the inner surface, the tool path contributes to the horizontal orientation of chains, while in the
outer surface, the polymer chains are mainly pulled downwards, generating the vertical orientation of

104



Polymers 2018, 10, 391

chains. The slippage of crystallites as a consequence of the forming process induces the distortion of
the unit cell of UHMWPE, passing from orthorhombic to monoclinic.

It has been demonstrated that the characterization techniques used in this work are very useful in
SPIF of polymers based on the thermal and structural information that is presented here for the first
time. For instance, the use of XRD allowed the structural study of inner and outer surfaces separately.
On the other hand, DMA supplied information about thermal transitions not readily identifiable by
other methods, which makes it a very powerful tool in SPIF of polymers since the temperature is
critical when forming these materials, especially thermoplastics.
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Abstract: The crystal growth of poly(ε-caprolactone) can be very effectively directed through the
use of small amounts of dibenzylidene sorbitol in conjunction with modest flow fields to yield
extremely high levels of the preferred polymer crystal orientation. We show that by introducing
small quantities of a terpolymer, based on polyvinyl butyral we can switch the symmetry axis of the
final lamellar orientation from parallel to perpendicular to the melt flow direction. During shear
flow of the polymer melt, the dibenzylidene sorbitol forms highly extended nanoparticles which
adopt a preferred alignment with respect to the flow field and on cooling, polymer crystallisation is
directed by these particles. The presence of the terpolymer, based on polyvinyl butyral, limits the
aspect ratio of the dibenzylidene sorbitol (DBS) particles, such that the preferred orientation of the
particles in the polymer melt changes from parallel to normal to the flow direction. The alignment of
lamellar crystals perpendicular to the flow direction has important implications for applications such
as scaffolds for tissue engineering and for barrier film properties.

Keywords: crystallisation; morphology; nanoparticles; shear; flow; orientation; poly(ε-caprolactone);
polyvinyl butyral

1. Introduction

Dibenzylidene sorbitol (DBS) (see Scheme 1) [I] is a low molar mass gelator [1–4]. In a variety of
solvents including polymers at very low concentrations, <1% w/w, it self-assembles into extended
crystalline nanofibrils. When DBS is dispersed in a polymer matrix, the application of modest shear
flow leads to a macroscopic alignment of the fibrils [5–7]. When the matrix is a crystallisable polymer,
subsequent crystallisation of the matrix is templated by the DBS nanofibrils [5,6]. In this work,
we centre our attention on the control of the templating direction.

The properties of polymer based materials depend on the processing procedures used to shape
the object as well as the ingenuity of the molecule maker in terms of the chemical configuration of the
polymer chains. In the case of a crystallisable polymer such as poly(ε-caprolactone), the properties of
the final product are especially dependent on the arrangement of the chain folded lamellar crystals [8].
This is termed the morphology, they may be aligned as a consequence of a common orientation of
the row nuclei, the crystals may be extended in a fibrillary structure providing high modulus [9],
or they may be arranged with a variety of orientations within spherulites which is the most common
morphology [10] if no particular action is taken. In the case of spherulites, the distribution of crystals
may lead to a reduction of the dielectric breakdown strength in the case of insulators [11]. As well as
mechanical properties, the distribution of crystals will impact on the optical properties [12], on the
degradation rate of the polymer [13] and the permeability of the polymer film to gases such as
oxygen [14].
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Scheme 1. Dibenzylidene Sorbitol (DBS).

The role of dibenzylidene sorbitol as a nucleating agent for isotactic polypropylene has been
known for some time, although the mechanism is less clear. Smith et al., proposed that it stabilized the
helical structure through the cleft in the V shaped nature of the molecular structure [15]. Mandelkern
has reviewed the nucleation mechanisms and identified the importance of epitaxy but also states
“it is not the only one that can be involved” [16]. Lotz and co-workers have identified the strong
role of atomistic epitaxy in the nucleation in which there is matching of the crystal structures of the
two components [17]. More recently we have explored the use of dibenzylidene sorbitols and some
derivatives to direct the crystallization of different polymers. The ubiquity of the process and the
similarity to the use of graphene nanoflakes, carbon nanotubes, and other preformed nanoparticles has
lead us to the conclusion that the underlying mechanism is most likely to be graphoepitaxy which is a
process in which the orienting influence on the growth of a layer on the substrate can be determined
by various factors (forces) distinctive of the crystalline lattice [18].

Key factors with regard to dibenzylidene sorbitol enabling the direction of crystallisation are
the formation of highly anisotropic nanoparticles which easily align in low shear flow field [7].
The solubility of dibenzylidene sorbitol in a polymer melt is strongly related to the polarity of the
solvent as has been shown with low molar mass solvents [7]. Previous work has shown the nucleating
effect of dibenzylidene sorbitol in poly(ε-caprolactone) saturates at 3% whereas in polyethylene the
effect saturates at ~1% [6].The difference is related to the solubility of the dibenzylidene sorbitol in the
polymeric solvent and therefore how many nanoparticles are formed to direct the crystallization.

The work reported here is based on the use of self-assembling nanoparticles rather than engineered
nanoparticles which have significant environmental impact issues and will limit the recycling or
disposal of objects prepared using this approach. As a compound approved for use in food contact
applications DBS has none of the potential hazards of engineered nanoparticles such as carbon
nanotubes or metallic particles.

DBS is widely employed as a clarifying agent with isotactic polypropylene where it yields films
with a high level of optical transparency for packaging [12]. It is also widely used in cosmetics
and small quantities are thus unlikely to have any adverse effect in the environment. In this work,
we focus on poly(ε-caprolactone) (PCL) which is a biocompatible and biodegradable polymer widely
used for the manufacture of biomedical devices including scaffolds for tissue engineering and drug
delivery systems. It is sufficiently stable thermally to be considered for implants in the human
body, its low melting point (55–60 ◦C) has allowed its use in “fantastic plastic” demonstrations in
which it is melted in hot water and moulded by hand. Keith et al., reported that the introduction of
small quantities of polyvinyl butyral (PVB) could profoundly affect the nucleation of PCL spherulites
with major changes in the banding in the spherulites [19]. Use of PVB in conjunction with PCL to
produce large spherulites has been exploited to allow detailed studies of the spherulite banding
using microbeam wide-angle and small-angle X-ray scattering (WAXS and SAXS) techniques [20,21]
and electron tomography [22]. Such studies have shown PCL and PVB to be compatible in the
melt. PVB has similar suppressive, although less pronounced, effects on the nucleation in other
polyesters [19]. Here we consider a PCL system which contains both the nucleating and directing
additive DBS as well as the nucleating suppression agent PVB. We use in-situ time-resolving X-ray
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scattering techniques to explore the potential consequences of the interactions between these competing
additives on the flow and crystallisation of these novel mixtures.

2. Materials and Methods

The polyvinyl butyral based terpolymer (commonly abbreviated in industrial practice as PVB)
used in this work is a random terpolymer containing ~88% of polyvinyl butyral together with ~0.5%
polyvinyl acetate and ~11.5% polyvinyl alcohol units and was obtained from Aldrich (St. Louis, MO,
USA). The molecular weight is 90,000 to 120,000 Da. 3% w/w dibenzylidene sorbitol (Ciba, Basel,
Switzerland) and 3% w/w polyvinyl butyral were dispersed alone and together in PCL (Aldrich,
St. Louis, MO, USA) (MW = 80,000 Da) by solution blending using butanone as the co-solvent, cooling
the solution to room temperature and allowing the butanone to evaporate under the draught of a fume
cupboard. Moulded discs for the shear flow experiments were prepared from these mixtures by melt
moulding at 80 ◦C, followed by cooling to 0 ◦C to allow the PCL to crystallise fully before warming to
room temperature.

Samples of PCL, PCL/DBS, PCL/PVB, and PCL/DBS/PVB were subjected to controlled flow
and thermal profiles using a specially designed parallel plate shear flow system [23,24] as shown in
Figure 1. The sample was held between two thin mica discs supported on slotted metal plates mounted
within a small oven equipped with both electrical heating and refrigerated gas cooling, providing a
controlled temperature range from −20 to 300 ◦C with heating and cooling rates up to 20 ◦C/min.
This shear flow cell system enabled X-ray scattering experiments to be performed during and following
controlled shear flow. The slots in the metal plates allowed the X-ray beam to pass through the sample
for ~85% of a revolution. Collimation and masks prior to the rotating plate in the beam line were used
to minimize the parasitic scattering from the spokes of the rotating plate as they cut the incident beam.
An intelligent motor control system ensured that when the rotation was stopped, this was at a rotation
angle where the beam was not obscured by a metal spoke.

Time resolved X-ray scattering experiments were performed on the fixed wavelength (λ = 1.54 Å)
beam-line 2.1 [25] at the Daresbury Synchrotron Radiation Source (UK). Small-angle X-ray scattering
(SAXS) data were recorded using a 2-D RAPID detector which allowed scattering data to be
accumulated in the range |Q| ~0.01 to 0.2 Å−1 (|Q| = 4π sin θ/λ where λ is the incident wavelength
and 2θ is the scattering angle) with a data accumulation time of 10 s. The sample to detector distance
and the detector pixel size were calibrated in terms of geometry using wet collagen.

Figure 1. Schematic of X-ray shear cell system used in this work Adapted from [24] (Wangsoub, S.;
Oiley, R.H.; Mitchell, G.R. Directed Crystallisation of Poly(ε-caprolactone) using a Low-Molar-Mass
Self-Assembled Template. Macromol. Chem. Phys. 2005, 206, 1826–1839).

Wide-angle X-ray Scattering (WAXS) were obtained at room temperature on static samples using
a symmetrical transmission diffractometer equipped with a graphite monochromator and a copper
X-ray sealed tube source. The intensity was measured as a function of |Q| and α, the angle between
the symmetry axis of the sample and Q, in steps of |ΔQ| = 0.02 Å−1 and in steps Δα = 5◦.

Specimens for optical microscopy were prepared on glass coverslips in a Metter FP hotstage by
melting for 2 min at 150 ◦C, then cooling rapidly (~30 ◦C/min) to 60 ◦C followed by cooling at a rate
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of 1 ◦C/min to 30 ◦C before removing to room temperature. Optical microscopy was performed at
room temperature using a Carl Zeiss GFL polarised light microscope.

3. Results

Figure 2a shows an optical micrograph with the typical spherulitic morphology for PCL
crystallized under quiescent conditions while cooling from 60 to 30 ◦C at 1 ◦C/min, after melting
at 150 ◦C. The picture is taken at the edge of a film approximately 0.1 mm thick—such films are
used to ensure that the sample is representative of the material as a whole, instead of possibly being
dominated by nucleation on the glass slide and cover slip surfaces. The bulk film (lower half of picture)
is nucleated heavily so that individual spherulites appear to be of the order of 10 μm or less in diameter.
At the top of the picture is the edge of the specimen, where a much thinner film is left as a result of
smearing on one of the glass surfaces. Here individual objects are more easily discernible, generally
up to 20 μm in diameter, but larger spherulites always tend to form in such situations in many kinds
of polymers, so this cannot be taken as representative of the material as a whole. The addition of
3% PVB (Figure 2b) gives rise to a specimen containing much larger spherulites, typically 50 μm in
diameter. This is consistent with the earlier observations by Keith et al. [19] that PVB greatly reduced
the nucleation density in PCL.

For samples of PCL containing 3% DBS, in-situ SAXS experiments have shown that at 150 ◦C the
DBS will be fully dissolved in the PCL [24]. The PCL/DBS sample (Figure 2c) prepared from a melt at
150 ◦C as described above gives rise to a much greater nucleation density, such that the individual
objects are not at all properly discernible at this magnification. The texture has the appearance of large
grainy spherulites. These are made up of small PCL crystals which have crystallised preferentially with
respect to fibrils of DBS which crystallised at a higher temperature from solution in molten PCL [24].

The specimen containing 3% DBS and 3% PVB was prepared by melting at 170 ◦C before being
given the same treatment as the previous samples. This resultant micrograph appears to be the same
as shown in Figure 2b for the PCL/PVB sample, suggesting either that the PVB is preventing the DBS
from crystallising during cooling, or it is completely inhibiting the nucleation effect of the DBS on the
PCL. If we repeat the treatment but cooling from a lower melt temperature where the DBS will not be
fully dissolved, the morphology is more mixed between that shown in Figure 2a,d suggesting that the
PVB has the capacity to suppress or modify the crystallisation of the DBS as well as that of the PCL.

Figure 2. Optical Micrographs obtained in a polarised light microscope at room temperature of samples
of (a) PCL; (b) PCL with 3%PVB; (c) PCL with DBS; and (d) PCL with 3% PVB and 3% DBS which were
crystallised from the melt as described in the text.
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Samples of PCL, PCL/DBS, PCL/PVB, and PCL/DBS/PVB were processed using a defined
thermal and shear profile which consisted of heating to 80 ◦C at 20 ◦C/min, holding for 5 min and
then subjected to a shear flow field of 10 s−1 for 100 s (shear strain = shear rate x time = 1000 su).
After cessation of shearing the sample was cooled to room temperature at rate of 10 ◦C/min. Figure 3a
shows the WAXS intensity map for the PCL sample, which, although it has been crystallised from
a sheared melt, nevertheless exhibits an isotropic pattern typical of a semi-crystalline polymer.
The pattern exhibits several crystalline rings (seen as arcs), of which by far the strongest is from
the (110) planes at |Q| ~1.5 Å–1. This is in-line with previous studies and reflects the zero memory
of the shear field due to the rapid relaxation of the PCL chains after shearing before crystallisation
take place [24]. The corresponding PCL/PVB specimen shows the same isotropic pattern (Figure 3b).
The PCL/DBS specimen, on the other hand, shows a considerable level of anisotropy in the WAXS
pattern (Figure 3c). The specimen is mounted so that the shear direction is vertical and the 110 reflection
is most intense on the equatorial section normal to the flow direction. This indicates that lamellae are
aligned normal to the flow direction although there is an ambiguity as the preferential alignment of the
c-axis of the PCL crystals parallel to the melt flow. This distribution of intensity is consistent with the
model in which the PCL crystals are directed by DBS fibrils which have been previously preferentially
aligned parallel to the flow direction in the PCL melt phase [24].

Figure 3. Maps of the wide-angle X-ray scattering (WAXS) intensity obtained for samples of (a) PCL;
(b) PCL with 3%PVB; (c) PCL with 3% DBS; and (d) PCL with PVB and 3% DBS crystallised from a
melt after a shear flow of I0 s−1 for 100 s at 80 ◦C. The melt flow direction is vertical.
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The WAXS pattern for the PCL/PVB/DBS specimen (Figure 3d) is also substantially anisotropic.
In contrast to the PCL/DBS sample, the 110 reflection is most intense on the meridional section,
indicating an orientation of the PCL lamellae which is orthogonal to that displayed by the
PCL/DBS sample.

Figure 4 shows the SAXS patterns for the four different materials considered here recorded at the
point where the invariant (see below) reaches a maximum during the cooling stage of the thermal and
shear profile described above.

Figure 4. Small-angle X-ray scattering (SAXS) patterns obtained for samples of (a) PCL at 20 ◦C; (b) PCL
with 3% PVB at 7 ◦C; (c) PCL with DBS at 22 ◦C and (d) PCL with 3% PVB and 3% DBS at 19 ◦C,
all crystallised from a melt after a shear flow of 10 s−1 for 100 su at 80 ◦C. The melt flow direction is
vertical. Each pattern is shown for the temperature where the invariant recorded during crystallisation
was at its maximum.

The PCL sample exhibits a SAXS pattern which is typical for many semi-crystalline polymers [26].
The maximum in intensity at |Q|~0.032 Å–1, corresponding to a long period of ~195 Å, arising from
the lamellar structure. The constant intensity as a function of the azimuthal angle shows that the
lamellae have no preferred orientation with respect to the melt flow direction. A similar pattern is
displayed by the PCL/PVB sample (Figure 4b) with the lamellar peak at a |Q| value of ~0.0385 Å–1,
corresponding to a long period ~165 Å. The PCL/DBS sample exhibits a SAXS pattern (Figure 4c) which
is strongly anisotropic. The intensity scattering on the meridional axis indicates a strong preferred
orientation of the lamellae normal to what was the melt flow direction (vertical on the page); this is
consistent with the WAXS result. The |Q| value for the maximum is ~0.0325 Å−1, corresponding to a
long period of ~195 Å. This confirms observations made previously that the DBS directs the lamellar
growth direction but does not otherwise change the lamellar characteristics [7,26]. There is also a
horizontal streak on the equatorial section which was not present in the patterns recorded for the PCL
and PCL/PVB samples. This relates to the presence of highly extended DBS fibrils which are ~150 Å
in width and 1000 Å or more in length. In striking contrast the PCL/PVB/DBS (Figure 4d) shows a
similar pattern but one in which the lamellar peaks are now on the equator indicating that the lamellae

112



Polymers 2018, 10, 300

are preferentially aligned parallel to the flow direction in accord with the crystal plane orientation
information available from the WAXS patterns. Here the |Q| value is ~0.0335 Å–1, corresponding to a
long period ~190 Å. Examination of the scattering around the beamstop reveals that there is no highly
anisotropic equatorial streak as observed in the PCL/DBS sample. In fact, the portion of the scattering
appears almost isotropic but there is a substantial level of scattering here as compared to that observed
in the patterns for the PCL and PCL/PVB samples. Analysis of this scattering gives a particle radius of
~40 Å diameter which is smaller than that observed for the PCL/DBS system. The lamellar scattering
is also noticeably weaker than the equivalent pattern observed for the PCL/DBS.

During the thermal and shear profile for each sample, we recorded SAXS patterns on a time
resolving basis with a time cycle of 10 s throughout the processing cycle. This enables us to follow
the formation of structure including the crystallisation. For each SAXS pattern we have calculated the
so-called invariant Ω [27]:

Ω =
∫ π/2

α=0

∫ Qmax

Q=0
|Q|2 I(|Q|, α) sin α dQdα (1)

The invariant is related to the volume fraction of crystals, at least in the initial stage of
crystallisation, as all other things being equal, the invariant would also go through a maximum
when the volume occupied by lamellae reaches 50%, and it will decrease slightly on cooling as the
electron densities of crystalline and amorphous material approach each other. We have used the
plots of invariant versus temperature to identify the temperature at which the maximum rate of
crystallisation occurs. Figure 5 shows the results. The vertical axis plots of the differential of the
invariant (which in practice corresponds very closely to a crystallization exotherm in differential
scanning calorimetry), are derived from the data using an algorithm based on the method of Savitzky
and Golay [28]. The four peaks indicate the maximum crystallisation rate for each of the materials.
Compared to the PCL sample, the peak for PCL-DBS occurs sooner (higher temperature), as expected
by increased nucleation [24], while that for PCL-PVB occurs much later (lower temperature), owing to
the suppression of nucleation as also observed by optical microscopy (Figure 2b). The maximum value
of the derivative is noticeably lower corresponding to a slower crystallisation rate and the peak is much
broader indicating crystallisation taking place over a wider temperature range. This concurs with
the observation that the invariant itself reaches a maximum about 11 ◦C below the point of greatest
crystallisation rate, as compared with 8–9◦ below for all the other specimens.

Figure 5. Plots of the derivative of the invariant against the temperature of measurements for each of the
four materials considered in this work during the crystallisation stage of the processing cycle described
in the text. The uncertainties associated with each data point are horizontally ±1 ◦C, vertically 2% of
the vertical range.
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4. Discussion

The maximum rate of crystallisation for the PCL/DBS/PVB sample is about 5 ◦C below that
observed for the PCL sample. However this is considerably above the peak temperature for PCL/PVB.
The addition of the PVB to the PCL/PVB appears to have significantly deactivated the DBS as a
nucleant as measured by a shift in the maximum crystallisation temperature of about 10 ◦C, and this
corresponds to the smaller lamellar long period indicated by the SAXS measurements. We emphasise
that shear flow is imposed on the polymer melt ~40 ◦C above the crystallisation temperature of PCL.
As the crystallisation of the sheared PCL melt reveals, at the point of crystallisation the melt itself has
no memory of the shear flow. The behaviour reported above is the consequence of the distribution and
nature of the nanoparticles and their influence on the nucleation of the PCL. There is the possibility that
the presence of the slightly higher molecular weight PVB could alter the flow behaviour of the overall
system. However, we can discount this possibility as the WAXS (Figure 2b) and SAXS (Figure 3b)
patterns for the PCL/PVB sample indicate clearly an isotropic distribution of PCL crystals. Moreover,
if PVB chains were significantly extended in the shear flow this would promote the development of
the type of lamellar orientation observed in Figure 4c rather than that actually observed (Figure 4d).

It is more probable that the PVB acts to suppress the crystallisation of the DBS. The optical
microscopy shows that this is indeed the case at least in part. The morphology shown in Figure 2d
was obtained by crystallising from a melt in which the DBS was fully dissolved. From the optical
specimen, it appears that once dissolved, the DBS is hindered from recrystallising by the PVB such that
the morphology is similar to that of the PCL/PVB sample. However, from the presence of a significant
level of small-angle scattering around the beam stop for the PCL/DBS/PVB sample (Figure 4d) we
can deduce any suppression is only partial: we estimate the reduction ~50%. However, the fact that
this scattering is not highly anisotropic is significant. We propose that the presence of the PVB during
the preparation partially inhibits the growth of the DBS particles. This limits the length to breadth
ratio of the DBS particles and modifies the behaviour of the particles in the shear flow stage of the
processing cycle.

Jeffrey showed particles in a fluid during shear flow may exhibit a number of orientation states [29].
A number of studies have considered the effect of the anisotropy of the particle for example [30,31]
and observations of both alignments parallel to the flow direction and to the vorticity direction have
been reported for carbon nanotubes in shear polymer melts [32]. Gunes et al., have explored the
effects of both the particle aspect ratio and the rheological parameters of the matrix polymer on the
orientation behaviour of the particles in shear flow [33]. In materials with a low Deborah number
(product of relaxation time and shear rate), the fluid elasticity can damp the particle rotations. In this
study, we focus on fluid systems with higher Deborah numbers and Leal has proposed a critical shear
rate for the transition from a vorticity orientation (normal to the flow) to flow axis orientation which
is inversely related to the particle aspect ratio [33]. The detailed experimental study of Gunes et al.,
reveals a rich array of behaviour which matches theory in part.

We propose that the addition of PVB to the PCL/DBS system results in fewer and less anisotropic
particles which when subjected to modest shear flow adopt an alignment preferentially parallel to the
vorticity axis and normal to the flow direction. We anticipate this is principally due to the reduced
aspect ratio in line with the prediction of Leal [34], but there are other consequences of the change of
concentration for example, the elasticity of the system. Without the PVB, highly extended DBS particles
are formed which align preferentially parallel to the flow direction in line with Leal’s prediction under
the same shear rate as used in the PCL/DBS/PVB system. On cooling, these particles act to nucleate
and direct the crystallisation of the PCL so that the lamellae grow normal to the surface of the particle.
As a consequence, for PCL/DBS/PVB and PCL/DBS, the subsequent lamellar growth directions are
very different. In both cases, the lamellae grow out radially from the DBS particles but with symmetry
axes which are orthogonal to each other. We anticipate that by adjusting the proportion of the PVB
introduced in to the system, we can control the inhibiting extent of the PVB on the DBS and thereby
prepare samples with a range of different crystalline texture.
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Controlling the morphology of a semi-crystalline polymer can be achieved in a variety of ways
yielding major changes to properties. The addition of nucleating agents to polymers may be used
to control the crystal structure as in the case of β-nucleating agents for isotactic polypropylene [35],
to control of the spherulite size in packaging films [12] and in general the addition of nucleating
agents leads to stiffer products [12]. We have shown in a series of papers how nucleating agents can be
exploited to provide a common orientation of row nuclei to generate structures with a common lamellar
crystal orientation [5,7,24]. Figure 6 shows the geometry of this process. We need to bear in mind that
this nucleating effect will be cylindrically symmetric and hence any compounds diffusing from the
surface of the sample in to the interior will have facile access to the amorphous regions between the
crystalline lamellar. As a consequence a number of approaches have been tried to provide polymer
films with lower permeability for oxygen diffusion to provide higher performance barrier films for food
and medical packaging [36]. The ideal arrangement of the crystal lamellae is an arrangement in which
the lamellar normal is perpendicular to the polymer film as shown in Figure 6b This provides for such
an arrangement so that the lamellar crystals provide the maximum obstruction to the diffusing oxygen
pathways thereby increasing tortuosity increasing the diffusion pathways [37]. PCL is a biodegradable
polymer and is biocompatible. It is widely used to manufacture implants such as scaffolds for tissue
engineering. The degradation of the PCL involves the diffusion of bodily fluids in to the polymer
initiating hydrolytic degradation [38,39]. The same arguments relevant to gas diffusion also apply
to such degradation of the morphology shown in Figure 6b will be much slower than that observed
for the morphology shown in Figure 6a [39]. Of course these different morphologies will also lead
to changes in mechanical properties such as stiffness due to the anisotropy of the properties of the
PCL crystals.

Figure 6. Schematic of the geometry of the templating mechanism for PCL/DBS. The red rod represents
the DBS nanofibril aligned (a) (left) parallel with the flow direction and (b) (right) normal to the flow
direction. This directs the growth direction of the lamellar crystals to be normal to the long axis of the
DBS fibril as described in the text.

5. Conclusions

When poly(ε-caprolactone) is nucleated by dibenzylidene sorbitol in the presence of a terpolymer
based on polyvinyl butyral there is an orthogonal switch in the symmetry axis of the resultant lamellar
orientation as compared with PCL nucleated by DBS alone.

Previously, it has been shown that the aligned extended nanoparticles formed through the use of
small amounts of DBS in conjunction with modest flow fields will nucleate lamellae with their c-axes
parallel to the particles and to the flow direction. We confirm that small quantities of a terpolymer
based on polyvinyl butyral inhibit the nucleation in PCL by itself and show that its presence can also
modify the behaviour of the DBS. In particular, the presence of the PVB limits the aspect ratio of the
DBS particles which form and this alters the preferred orientation of the DBS particles in the sheared
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polymer melt from parallel to normal to the flow direction. This morphology is suitable for barrier
property films and will influence the degradation rates in bioabsorbable biomedical products prepared
from PCL.
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Abstract: The main goal of this research is to study the development of crystalline morphology
and compare it to various mechanical properties of microfibrillar composites (MFCs) based on
polypropylene (PP) and poly(ethylene terephthalate) (PET), by adding a functional compatibilizer
and a non-functional rubber in two different steps in the processing sequence. The MFCs were
prepared at a weight ratio of 80/20 PP/PET by twin screw extrusion followed by cold drawing and
injection moulding. The non-functionalized polyolefin-based elastomer (POE) and the functional
compatibilizer (i.e., POE grafted with maleic anhydride (POE-g-MA)) were added in a fixed
weight percentage at two stages: during extrusion or during injection moulding. The morphology
observations showed differences in crystalline structure, and the PP spherulite size was reduced in
all MFCs due to the presence of PET fibrils. Their relationship with the mechanical performances of
the composite was studied by tensile and impact tests. Adding the functional compatibilizer during
extrusions showed better mechanical properties compared to MFCs. Overall, a clear relationship was
identified between processing, structure and properties.

Keywords: microfibrillar composites; crystalline morphology; crystallinity; mechanical properties

1. Introduction

Fibre reinforced composites have attracted great attention in the last decades. It is well known
that incorporating different inorganic fibres into polymer matrices such as glass fibres or carbon
fibres significantly improves mechanical performance, by enhancing strength and stiffness [1–3].
However, these types of fibre composites are not very environment-friendly, as they are difficult to
mechanically recycle because of issues in the separation of the different components. This may be
avoided with polymer-polymer reinforced composites, which can easily be mechanically recycled.
In this respect, microfibrillar composites (MFCs) could be interesting as their improved mechanical
properties allow them to be used in a wide range of applications. The MFC concept is a methodology
developed in the early nineties by Fakirov and Evstatiev [4]. MFCs are a type of polymer-polymer
composites in which a high-melting fibrillar thermoplastic polymer reinforces a lower-melting one [4].
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In our recent study [5], the importance of the processing parameters during the production of MFCs has
been pointed out, but besides these parameters, the composition of the starting mixture, the viscosity
ratio and the compatibility of the components are equally important [6].

The research on polymer blends and polymer-polymer composites has also led to an increased
interest in compatibilization. Numerous studies have been conducted on the compatibilization of
blends, using different compatibilizers [7–11] and improving the dispersion of the second phase.
The compatibilizer can be concentrated in the interface between two polymers during blending,
thus preventing coalescence and resulting in smaller and finer dispersions as well as better adhesion
between the phases [12–14].

On the other hand, it is also known that the MFC concept relies on the incompatibility between
the matrix and dispersed phase, and that the final mechanical properties depend on the aspect
ratio of the reinforcement and the interfacial adhesion between the matrix and reinforcement [4].
Various authors [4,15] have proposed that combining these two approaches, the MFC concept and
compatibilization, could improve the properties of the final composites. According to Fakirov et al. [4],
MFCs without compatibilizer can reach fibril lengths of up to 200 μm because the coalescence will
take place during blending and drawing. In cases with a compatibilizer, Friedrich et al. [16] found
a decrease in the tensile modulus and strength for the PP/PET in situ compatibilized microfibrillar
blends. They attributed this reduction to the shorter microfibrils caused by the use of a compatibilizer,
which covers the PET particles during melt blending and prevents their coalescence during drawing.
This change in morphology can be seen in Figure 1. Fakirov et al. [15] reported in one of their studies
that a compatibilizer affects the length of the fibrils depending on in which step of the processing
sequence it is added. They have therefore suggested adding a compatibilizer to the drawn blend,
in the final processing step, in injection or compression moulding. At this stage, the compatibilizer
should facilitate distribution of the fibrils, improve the interfacial adhesion between matrix and fibrils,
and enhance mechanical properties without reducing the aspect ratio of the fibrils. However, there are
no experimental results to support this theory. To fill this gap, the present study investigates the effect
of adding a compatibilizer during both extrusion and injection moulding. To this end, we have selected
both a non-functionalized rubber and a functional compatibilizer, as a difference in migration to the
interface and reactivity is expected.

Figure 1. Morphology of blend during cold drawing with and without compatibilizer added during
extrusion [4].

To reveal the origin of ductile or brittle behaviour, researchers typically focus on the influence
of crystallinity and crystalline structure of the composites. Embrittlement is known to be the result
of the high crystallinity of semicrystalline polymers, but the size and perfection of the spherulites
also play an important role in this behaviour [17,18]. In the case of semicrystalline polymers and their
composites, different processing conditions can affect the crystalline structure, such as the perfection
of crystallites, spherulite growth and orientation of the lamellae [19]. The process of making the MFCs
may cause changes in the crystalline morphology of the matrix. The fibres could act as heterogeneous
nucleating agents for the matrix, in which these nuclei can induce the crystal growth in the lateral
direction [2,20,21].

To shed more light on this, the aim of this study is to examine the relationships between the
development of the microstructure, the crystallinity and the mechanical properties of the PP/PET
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microfibrillar composites (MFCs). A polyolefin-based elastomer (POE) and POE grafted with maleic
anhydride (POE-g-MA) will be added in a fixed weight percentage during extrusion and injection
moulding, and we will investigate how this affects crystalline morphology and properties.

This research study will provide better insight into the morphological and crystallinity
development of MFCs during processing. An alternative approach will be suggested to achieve
good mechanical properties of MFCs.

2. Materials and Methods

2.1. Materials

Polypropylene (PP) was purchased from Sabic (Sabic 575P, Bergen op Zoom, The Netherlands)
with a melt flow rate (MFR) of 11 g/10 min (2.16 kg, 230 ◦C), and the used PET was LIGHTER C93
from Equipolymers (Schkopau, Germany), which is a bottle-grade material with an intrinsic viscosity
of 0.80 ± 0.02 dL/g. PET was dried in a vacuum oven for 15 h at 80 ◦C, and 2 h before processing at
120 ◦C, while PP was used as received. As additives, rubber and a compatibilizer were used in this
research. POE (VistamaxxTM 6102), which is an ethylene-propylene elastomer with a MFR of 3 g/10
min (2.16 kg, 230 ◦C), was kindly provided by ExxonMobil (Machelen, Belgium). POE-g-MA used
in this study was Acti-Tech 16MA13, which is a Vistamaxx-based compatibilizer, kindly donated by
Nordic Grafting Company (NGC, Hellerup, Denmark). The grafting percentage of the MA group
onto the backbone of the compatibilizer was 1.3 wt %, according to the data sheet. Both rubber and
compatibilizer were dried at 60 ◦C for 15 h before processing.

2.2. Preparation of MFCs

In this study, PP was used as a matrix and PET as a reinforcing element. The samples were
prepared in a weight ratio of 80/20 PP/PET and POE or POE-g-MA were added in 6 wt %, while the
same PP/PET ratio was maintained. The PP/PET weight ratio was determined based on previous
proprietary research. The MFCs were prepared by extrusion followed by cold drawing and injection
moulding. Five different samples were prepared: non-compatibilized MFC, MFCs with POE and
POE-g-MA added in the extrusion step (POEEXT and POE-g-MAEXT), and MFCs with POE and
POE-g-MA added in the injection moulding step (POEIM and POE-g-MAIM) (Table 1).

Table 1. Formulations of the composites.

Material PP/PET wt % CA wt %

MFC 80/20 0
POEEXT 75.2/18.8 6 EXT

POE-g-MAEXT 75.2/18.8 6 EXT
POEIM 75.2/18.8 6 IM

POE-g-MAIM 75.2/18.8 6 IM

The melt blending of polymers with and without additive was conducted with a twin-screw
extruder (Coperion ZSK18, Stuttgart, Germany) with two co-rotating screws of 18 mm diameter,
L/D = 40 and a die opening of 19 mm × 2 mm. The screw speed was set at 120 rpm and the barrel
temperatures were set between 205 and 260 ◦C. The extrudate was obtained as a sheet with dimensions
of 25 mm × 1 mm, by passing through calender rolls, which were cooled down to ~15 ◦C. The received
cooled extrudate entered directly into a hot oven (200 ◦C, 55.5 cm × 60 cm) and cold drawn by a pair
of rolls above the glass transition temperature of PET. During drawing, the surface temperature of the
extrudate was measured and amounted to approximately 95 ◦C. The speed of the rolls was adjusted
to obtain a draw ratio of 8. Injection moulding was performed on an Engel 80T, with a temperature
profile of 180, 190, 200 and 210 ◦C in a standard mould with a temperature of 30 ◦C, thus obtaining both
tensile (114 × 6.45 × 4 mm3, with a gauge length of 33 mm) and impact specimens (126 × 13 × 3 mm3).
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2.3. Characterization

2.3.1. Structural Characterization

Polarized optical microscopy (POM) Leica DM 2500 P (Wetzlar, Germany) was used to study
the morphology of the specimens. Thin slices of 15 μm were cut from the injection moulded samples
with a microtome Leica RM2245 (Wetzlar, Germany) in the direction parallel to the injection flow.
They were subsequently inserted between two microscope cover glasses and glued with Canadian
balm. Samples were analysed with a Leica Camera type DFC425 and DFC360FX (Wetzlar, Germany).

To determine the spherulites size, small angle light scattering (SALS) experiments were performed.
For this, injection moulded samples were microtomed into 15 μm thick layers parallel to the flow
direction on the FD-TD plane [22]. To suppress surface scattering, they were immersed in Canadian
balm between two microscopic slides. Next, to obtain the SALS patterns, a 632.8 nm He-Ne laser
with beam size of 1 mm was used as the source of polarized monochromatic light. SALS Hv patterns
were captured using a Hamamatsu digital camera (Hamamatsu Photonics K.K., Hamamatsu City,
Japan) and analysed with Hipic 6.3.0 software (Hamamatsu Photonics K.K., Hamamatsu City, Japan).
The equivalent radius (R0) of the spherulites was estimated with the following Equation (1) [23]:

R0 =
1025

π

λ

sin(θmax/2)
, (1)

λ is the wavelength of light in the medium. The distance from the centre of the Hv pattern to the
intensity maximum in one lobe, in conjugation with the known sample-to-film distance, is a measure of
the polar angle θmax. (θmax = tan (distance from the centre of the Hv pattern to the intensity maximum
in one lobe/sample-to-film distance)).

To study the phase and crystalline morphology of MFCs, we used scanning electron microscopy
(SEM) FEG SEM JEOL JSM-7600F 202 (Tokyo, Japan). The samples were immersed in liquid nitrogen
and subsequently fractured. For the observation of the phase morphology, the PP matrix together with
POE was selectively dissolved in hot xylene for 1–3 h. For the crystalline morphology observation
of the composites, the amorphous phase of the PP and PET was chemically etched in a solution
H2SO4–H3PO4–KMnO4 at 70 ◦C for 5–6 h. Furthermore, the samples surfaces were sputtered
with gold by a Bal-Tec SCD005 sputter coater (Bal-Tec, Balzers, Liechtenstein). Micrographs were
obtained with an accelerating voltage of 20 kV. The average diameter of the fibrils was calculated
with Image J software (National Institute of Health, Bethesda, MD, USA). For the calculation, at least
50 measurements were used.

X-ray diffraction (XRD) measurements were carried out to confirm the crystal modification of
PP. Tests were performed on a Bruker D8 Discover XRD system (Bruker Nederland BV, Leiden,
The Netherlands) equipped with a Cu X-ray source (λ = 1.5406 Å) and a linear X-ray detector.
The samples were put on a Si sample cup on the sample heating stage. θ–2θ measurements were
carried out in air at atmospheric pressure at a temperature of 24 ◦C.

The structure-related thermal properties of the composites were determined via differential
scanning calorimetry (DSC). Analysis was performed on a Netzsch DSC 214 Polyma device
(Selb, Germany) in one cycle of heating-cooling in the temperature range between 20–200 ◦C. The tests
ran under nitrogen atmosphere; the flow of nitrogen gas was 20 mL·min−1 and the heating/cooling
rate was 10 ◦C·min−1. Crystallinity (αc) was calculated for the PP phase based on the theoretical
enthalpy for 100% crystalline polymer and taking the mass percentage into account (Equation (2)):

αc =
ΔHexp

ΔH◦
wf

·100%, (2)

where standard enthalpy (ΔH◦) for PP is 207 J·g−1 [24], and wf is the weight fraction of the relevant
polymer in the PP/PET mixture. The mean thermal properties were averaged from three measurements
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and the differences were calculated by comparing population means by t-independent test via the
software package SPSS Statistics 24 (Armonk, NY, USA).

2.3.2. Mechanical Characterization

Mechanical characterization was conducted under controlled conditions (23 ◦C and 50% relative
humidity), after the samples had been conditioned for a minimum of 48 h within this
controlled environment. The standard tensile bars were tested with an Instron 5565 tensile device
(Norwood, MA, USA) according to standard ISO 527. During the tests, different test speeds were
used before and after the Instron dynamic extensometer was removed (type catalogue 2620-603 with
a gauge length of 12.5 mm), 1 mm/min and 5 mm/min, respectively. Analysis was performed with
Bluehill software.

The notched Charpy impact test was used to evaluate the toughness of the samples by using
a Tinius Olsen IT 503 Pendulum Impact Tester (Ulm, Germany) according to ISO 179. The specimens
were notched in the middle of the sample with a depth of 2 mm, placed horizontally with the notch
oriented away from the pendulum and broken by a hammer with an energy of 2 J. At least five
specimens were tested for both tensile and impact tests. The differences between the samples are
calculated by t-independent test preceded by a Levene’s test for equality of variance via the software
package SPSS Statistics 24 (Armonk, NY, USA) with a probability value of 0.05.

3. Results and Discussion

3.1. Morphology Development

Polarized optical microscopy was found to be a simple method to distinguish the changes in
crystalline structure, such as the growth of crystals and their orientation [25]. Micrographs of neat
PP sample are represented in Figure 2A,B. As can be seen, the micrographs show a clear spherulitic
structure (Figure 2A) of PP, and due to the injection moulding process a typical “skin–core” structure
(Figure 2B) can be discerned [19]. The average PP crystal size, measured quantitively by SALS,
was found to be 22.3 μm (Table 2).

Figure 2. POM micrographs of neat PP sample in transferred direction to the injection flow.

Table 2. Average diameter of PP spherulites and PET fibrils in the composites.

Material Spherulite Size (μm) Fibril Diameter (μm)

PP
MFC

22.3 ± 0.8
8.9 ± 0.4

-
0.6 ± 0.2

POEEXT 5.5 ± 0.7 0.8 ± 0.3
POE-g-MAEXT 4.2 ± 0.3 0.5 ± 0.1

POEIM 7.2 ± 0.4 0.7 ± 0.3
POE-g-MAIM 7.6 ± 0.4 0.6 ± 0.2
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The dispersion and distribution of the PET fibrils were examined on different scales of
magnification using both POM (Figure 3, left column) and SEM (Figure 3, right column). Figure 3A
represents a micrograph of a non-compatibilized MFC sample. Various dark regions can be found
along the analysed sample, which are in fact clusters of PET fibrils. As the matching SEM picture
(Figure 3A’) confirms, the dispersion and distribution of the PET phase are not very adequate. It is
known that during drawing the coalescence effect causes the formation of very long microfibrils.
However, as they have high aspect ratios, they may break during the injection moulding under high
shear rate and may therefore stick together, thus forming fibril clusters [5]. Although it is difficult
to determine the length of the PET microfibrils, they are assumed to be quite long, with an average
diameter of 0.60 μm (Table 2).

 

 

 

 

Figure 3. Cont.
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Figure 3. Microstructures of MFCs samples obtained via POM along the flow direction: (A) MFC;
(B) POEEXT; (C) POE-g-MAEXT; (D) POEIM; (E) POE-g-MAIM. Microstructures of MFCs samples
obtained via SEM in transverse direction: (A’) MFC (PP partially etched after 1.5 h in hot xylene);
(B’) POEEXT (PP partially etched after 1.5 h in hot xylene); (C’) POE-g-MAEXT (PP partially etched
after 3 h in hot xylene); (D’) POEIM (PP partially etched after 3 h in hot xylene); (E’) POE-g-MAIM

(PP partially etched after 3 h in hot xylene).

Similarly, the POEEXT and POEIM samples are depicted in Figure 3B,D, respectively. Both POM
and SEM micrographs again show a non-uniform distribution of the microfibrils and some fibril
bundles along the analysed sample surfaces. Table 2 indicates that the fibril diameter of POEEXT

was higher than in other samples (i.e., 0.80 μm, compared to 0.70 μm in POEIM). In POEIM, the long
fibrils made during the cold drawing were preserved during injection moulding. It is quite clear that
non-functionalized rubber will not have a significant effect, whether it is added during extrusion or
injection moulding, because it will only act as a third phase due to non-existent functional group.

On the other hand, POE-g-MAEXT displays morphologies with both good dispersion and
distribution of the PET microfibrils (Figure 3C,C’). The microfibrils appear much shorter compared
to the other samples and the average fibril diameter was found to be lower (0.50 μm). In this case,
the addition of compatibilizer first prevents coalescence during blending, thus reducing the starting
diameter of the PET spheres and therefore also the length and diameter of PET fibrils in the MFC [15].

The POE-g-MAIM sample is represented in Figure 3E. Although this sample shows morphology
with poorly distributed fibrils, the fibrils appear to be quite long, with an average diameter of 0.60 μm.
It was expected to preserve the long microfibrils made during cold drawing, as the compatibilizer was
added in the injection moulding step. Fakirov et al. [15] stated that, if that was the case, the high aspect
ratio of the fibrils would not be reduced. However, their distribution is not as effective as expected.
This could be due to the PET fibrils being in a solid state during injection moulding, which hinders
both the migration of POE-g-MA to the interface and the reactivity of the MA group towards the end
hydroxyl groups.

3.2. Development of Crystalline Morphologies

Additional high-magnification SEM experiments were carried out to investigate the location of the
additives and the influence of the PET fibrils rubber and compatibilizer on the PP crystalline structure.
Although SEM is not the preferred method to visualize the spherulitic structure, we could observe
some crystalline structures under high magnifications. The average spherulite size was measured with
SALS (Supporting Information, Figure S1), and the resulting diameters are listed in Table 2. It can
be noted that PP spherulite size is drastically lowered in all MFCs compared to the neat PP sample,
making the detection via SEM more difficult. However, in Figure 4, showing high magnification
micrographs, the spherulite structure can be detected around the hole of the etched PET fibril in the
MFC sample (Figure 4A). The average spherulite diameter in the MFC was found to be 9 μm, which is
roughly 60% lower than the crystal size in neat PP. This would indicate that α-crystals are present in
the composite. In addition to this, XRD measurements have confirmed the presence of PP α-spherulites
in all samples, as the planes (110), (040), (130), (111) and (041) were observed at 2θ = 14.1◦, 17.1◦, 18.6◦,
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21.3◦ and 22◦, respectively (Supporting information, Figure S2). These are the typical reflections of the
α-crystals [26,27].

Figure 4. SEM micrographs of cryogenically fractured surface under liquid nitrogen of the injection
moulded samples: (A) MFC (spherulite around fibril hole); (B) POEEXT (randomly oriented lamellae);
(C) POE-g-MAEXT (non-reacted compatibilizer particles dispersed into matrix); (D) POEIM (rubber
located at the interface); (E) POEIM (spherulite orientation around the fibril hole); and (F) POE-g-MAIM

(compatibilizer particles located at the interface).

Furthermore, POEEXT and POE-g-MAEXT show the lowest spherulitic radius of 5.5 and 4.2 μm,
while POEIM and POE-g-MAIM exhibit diameters of 7.2 and 7.6 μm, respectively. POE-g-MAEXT

(Figure 4C) possesses well dispersed and distributed PET fibres which will have a strong nucleating
effect on the PP matrix, regardless of whether they are covered by compatibilizer. The functionalized
compatibilizer will be more prone to migrate towards the interface than the rubber. This is evidenced
in Figure 4D (POEIM) and 4F (POE-g-MAIM), which indicate the difference in location of the rubber
versus the compatibilizer.

Besides POE-g-MA at the interface, non-reacted compatibilizer particles were found in the PP
matrix as well (Figure 4C,F). As there is always some amount of the compatibilizer that will not
react with the PET during melt blending, this amount is dispersed through the matrix and between
the microfibrils. These isolated POE-g-MA particles may also act as nucleation sites for PP [28],
which explains why the nucleating effect is the most pronounced and the lowest PP crystal size
is achieved. Additionally, in POEIM, a spherulitic orientation is observed around the fibril hole
(Figure 4E), which confirms the nucleating effect of the PET.

As far as the SEM observations are concerned, it is challenging to discuss the orientation of the
lamellae. It seems that the random orientation of lamellae exists in the sample POEEXT represented
in micrograph 4B. Moreover, as Friedrich et al. [29] explained, the organization of lamellae depends
on how close the crystallites are to the surface of the microfibril. Far away from the fibril, in the bulk
polymer, the lamellae are randomly dispersed with no preferred direction of orientation, which could
confirm our previous statement. However, various research studies [21,29,30] conducted within the
same or similar compositions (PP/PET, LDPE/PET) have shown the lamellae orientation in a normal
direction to the fibril.

125



Polymers 2018, 10, 291

3.3. Crystallinity Development

To study the melting and crystallization behaviour of the composites, the samples were
analysed via differential scanning calorimetry (DSC). Table 3 lists the melting temperature (Tm),
peak crystallization temperature (Tc), the temperature at the beginning and end of crystallization
during cooling (Tc

onset and Tc
endset), and the calculated percentage of crystallinity (αc). These results

are considered along those already presented in Table 2 (i.e., the PP spherulitic sizes and the PET fibril
diameters). Statistically, there is a significant difference between the Tm of neat PP and all MFC-based
materials, which in turn do not significantly differ from one another. Due to relatively high variations,
there are no significant differences in αc between all reported materials. Apparent differences in means
will be discussed, however.

Table 3. Thermal properties of PP, MFC, POEEXT, POE-g-MAEXT, POEIM, POE-g-MAIM during heating
and cooling.

Material Tm
PP (◦C) Tc

PP (◦C) Tc
onset (◦C) Tc

endset (◦C) αc
PP (%)

PP
MFC

171.5 ± 0.2
170.2 ± 0.8

118.8 ± 0.1
122.8 ± 0.7

122.5 ± 1.2
127.2 ± 0.2

108.1 ± 1.4
112.8 ± 0.4

47.05 ± 0.8
47.35 ± 2.2

POEEXT 170.1 ± 0.4 123.1 ± 0.6 127.1 ± 0.2 113.2 ± 0.1 48.40 ± 0.5
POE-g-MAEXT 170.1 ± 0.4 118.1 ± 0.6 121.5 ± 0.2 109.3 ± 0.9 50.01 ± 1.9

POEIM 169.3 ± 0.9 122.9 ± 0.4 127.1 ± 0.2 113.2 ± 0.3 51.65 ± 2.9
POE-g-MAIM 170.1 ± 1.2 116.4 ± 0.6 123.0 ± 0.1 108.3 ± 0.5 49.44 ± 2.8

All materials show a single melting peak of PP, thus confirming the continued presence of
α-crystalline modification, as detected via XRD.

The average Tc of neat PP is found at 118.8 ◦C but in pure MFC, POEEXT and POEIM is increased
and amounts to approximately 123 ◦C.

As has already been observed in the study of crystalline morphology, long PET microfibrils will
act as nucleating agents for the PP matrix. This potentially results in imperfect growth of the PP
crystals, which become smaller and more numerous [21,31,32]. In this case, the presence of long
microfibrils in MFC enables the crystallization to start roughly 5 ◦C earlier than in neat PP. The total
crystalline fraction is unaffected here, but indeed spherulite sizes are severely reduced, from around
22 to around 9 μm.

A similar trend can be observed in POEEXT and POEIM concerning the onset of crystallization,
indicating that the nucleating function of the PET fibres remains uninhibited. As POE contains no
structural elements that could interact with PET, it is considered to be dispersed within the PP matrix,
thus not affecting the PET fibre shape or the PP-PET interface. However, there is a noticeable effect on
the crystallinity of the PP matrix. It is well known that POE-type polymers will act as a nucleating
agent for the a-crystals of PP [28,33,34]. Moreover, Danesi et al. [35] demonstrated many years ago
that a secondary POE phase will be finely and uniformly dispersed if the viscosity of the POE is
significantly lower than that of the PP matrix, as is the case here. This was confirmed in the SEM
images above, which show fine droplets of POE (Figure 4D). Since POEEXT benefits from already
having POE present in a twin screw compounding step, it stands to reason that the dispersion of
the rubber will be markedly better for POEEXT than for POEIM. It is this increased dispersion of the
rubber throughout the matrix that is responsible for the smaller crystallite sizes of PP for POEEXT.
Average crystallinity appears to be higher for both POE materials, compared to binary MFC. This is not
only due to the nucleating effect of the dispersed rubber but, as postulated by Martuscelli et al. [34],
POE might also selectively extract from the PP more defective polymer chains into its amorphous
phase, thus leaving a more stereoregular PP behind and increasing crystallinity.

Next, the composites with compatibilizer will be considered, for POE-g-MAEXT crystallization
is once more shifted to the level of neat PP. Tc

onset and Tc
endset were observed for all samples.

For POE-g-MAEXT, PP crystallization started later at 121.5 and finished at 109.3 ◦C, which implies
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that it also crystalizes faster than other samples. Crystallite sizes are the lowest for this material,
while overall crystallinity remains in the higher levels. It is our understanding that, given the affinity
of the MA group to PET groups, the compatibilizer at least partially migrates towards the PP-PET
interface during the compounding (EXT) step and there reacts with the PET. This has several effects:
(i) during MFC production, coalescence of PET is inhibited, leading to shorter fibres (as was shown in
SEM image 3C); and (ii) the compatibilizer will to some degree cover the PET fibres with regard to
the PP matrix, thus inhibiting the nucleating effect of PET for the PP matrix. A nucleation resulting in
a high αc still occurs via the compatibilizer phase, but this will not affect the crystallization onset of PP
as the PET fibres did: PET fibres are already in solid phase at the moment of potential PP nucleation,
whereas the POE backbone is mostly amorphous and the small amount of crystallization that could
occur, does so at much lower temperatures. This was confirmed in DSC analysis of the POE and
POE-g-MA component (Supporting information, Figure S3). Some of the POE-g-MA is assumed to
be dispersed throughout the matrix as well, given the high αc and the very homogeneous structures
observed in POM (Figure 4C).

In the case of POE-g-MAIM, the same significant decrease in Tc (compared to the MFC and POE
materials) was noticed, indicating that some of the compatibilizer does migrate to the PP-PET interface,
even when added during injection moulding. It is remarkable that injection moulding temperatures
are much lower than compounding temperatures. The PET is in solid state, which hinders both the
migration of POE-g-MA to the interface and lowers the reactivity of the MA groups towards the end
hydroxyl groups. PET fibres remain relatively long, as there is no compatibilizer yet to inhibit their
coalescence during drawing.

It was observed in the morphology study (Figure 4F) that the compatibilizer was located in both
the matrix and at the interface. As a result, here as well, the POE backbones can provide matrix-wide
nucleation of the PP. However, as with the difference between POEEXT and POEIM, the dispersion of
POE-g-MA is less efficient when the compounding step is missing, leading to spherulite sizes of the
same order as POEIM. Logically, the effect of a seemingly faster crystallization as with POE-g-MAEXT

is not noted here.

4. Mechanical Properties

4.1. Tensile Behaviour

The tensile modulus and yield strength of the composites are given in Figure 5. Strain-at-break
εb and strain-at-yield εy are reported in Table 4.

 

Figure 5. Tensile properties of MFC composites (A) Tensile modulus; (B) Yield strength at zero slope.
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Table 4. Strain at break of the composites.

Material Strain at Yield (%) Strain at Break (%)

MFC 3.74 ± 0.9 5.29 ± 0.9
POEEXT 6.84 ± 0.2 10.69 ± 1.7

POE-g-MAEXT
POEIM

POE-g-MAIM

11.90 ± 0.3
6.52 ± 1.1
8.91 ± 1.4

190.37 ± 162.8
9.70 ± 2.3

11.42 ± 2.4

The bar charts indicate that MFC obtains a relatively high modulus. This could be explained by
the extensive load-bearing capacity of the long PET fibrils. The interfacial area between microfibrils
and matrix is large enough and some interfacial contact is assumed to exist, even without the presence
of a compatibilizer. During the elongation, the matrix is expected to exert pressure on the fibrils,
thus producing a high frictional force and preventing the composite from deforming. This results in
constrained cavitation formation and very small ultimate elongation (Figure 6A) [36], as confirmed by
the low εb.

Figure 6. Tensile fracture model: (A) Case MFC; (B) POE-g-MAEXT; (C) Case POEEXT, POEIM or
POE-g-MAIM.

Among all other composites containing POE and POE-g-MA added during extrusion or injection
moulding, no significant differences are found for the modulus. These composites all obtain a lower
stiffness due to the presence of the rubber and the compatibilizer with a soft backbone.

A significant increase was found in the yield strength of POE-g-MAEXT compared to
non-compatibilized MFC, POEEXT, POEIM and POE-g-MAIM (p < 0.001). The reason for this lies in the
lower interfacial tension between the POE-g-MA and PET achieved during extrusion, which enhances
the interfacial adhesion of PP and PET in the final composite. Figure 6B represents a tensile fracture
model which can be applied to a compatibilized composite such as POE-g-MAEXT. In this model, stress
transfer between matrix and fibre is excellent: both strain together while the PET fibres do most of the
load bearing, until they finally fail together. Such deformation behaviour is only possible with great
adhesion between the phases, which in this case is demonstrated by the high εy and εb values.

As a result, while neat MFC—being the only composite not containing some rubber
fraction—obtains the highest stiffness, POE-g-MAEXT surpasses it in terms of strength and strain
behaviour due to the presence of the compatibilizer, even if the aspect ratio of the PET fibrils is reduced
and the composite contains a rubber phase. This corroborates previous experimental results for in situ
compatibilized MFC by Yi et al. [6].

It can also be noted that the yield strength for POEEXT, POEIM and POE-g-MAIM is lower due
to elastomeric chains in the polymer backbone, as mentioned earlier. No differences were found
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between POEEXT and POEIM (p = 0.772), while there were significant differences when POE-g-MAIM

was compared to POEEXT (p = 0.003) and POEIM (p = 0.017). The somewhat higher yield stress for
POE-g-MAIM can be attributed to a limited interaction between the compatibilizer and PET, as proposed
in Section 3.3.

G’Sell et al. [37] explained that several mechanisms could contribute to the general deformation
of an MFC sample including elastomers under tension: interface decohesion, cavitation at the PP/PET
interface, and the cavitation in isolated POE-g-MA particles. These are summarized in the fracture
model for the MFCs made with POEEXT, POEIM or POE-g-MAIM, as shown in Figure 6C.

In these composites, mostly isolated POE or POE-g-MA particles were found during morphology
study. As observed earlier, non-functionalized POE cannot react with PET and thus a three-phase
microstructure was created. The same effect was largely present in POE-g-MAIM. Under tensile test,
the strain rate is low and when critical stress is reached, the rubber takes the shape of fibril. With further
stretching, the rubber fibrils continuously transfer stress to the matrix and they become elongated
when their yield strength is exceeded. Rubber fibril structures will be preserved during the whole
fracture process [38]. In all three cases, during continuous stretching there is a substantial risk of
decohesion to appear at the interphases between PET and PP, as well as POE particles and PP matrix
and the cavitation in isolated POE particle [37]. Strain levels are improved by the addition of the
elastomer, but effective decohesion between the PP matrix and the PET fibres is likely, given the much
larger εy and εb demonstrated by POE-g-MAEXT.

G’Sell et al. [37] reported that in the case of decohesion of the matrix from a nodule or cavitation
in the rubber particle (Figure 6C) by stretching the matrix, large voids can occur on poles of the rubber.
These voids play a significant role at the end of deformation because their presence make a composite
fracture easier, causing a decrease in modulus and strength.

4.2. Impact Behaviour

Numerous studies have explored how a high fracture toughness may be achieved, for example
by using intrinsically tough matrices or rubber modified or by incorporating different fibres as
reinforcements [1–4,37,39,40]. Similarly, the impact behaviour of semicrystalline polymers has been
studied extensively, as well as how this may be improved [17,18,39,41–43].

Comparing the toughness of the composites (Figure 7A), we observed that the POE-g-MAEXT

gave the highest value for the impact energy. This could be explained by the fact that there is
high interfacial adhesion between the fibrils and matrix in POE-g-MAEXT, as polar carboxyl groups
of MA grafted onto POE backbone improve the adhesion with the PET phase. In addition to the
interfacial adhesion between the oriented PET fibrils and the PP matrix, as has been mentioned earlier,
both the size and amount of PP crystallites play an important role in determining impact strength.
The PP spherulites become more imperfect and smaller due to the presence of PET fibrils, which may
increase toughness [5,18]. As mentioned earlier, the spherulite size in POE-g-MAEXT was the lowest,
which obviously contributed to an increase in toughness.

 

Figure 7. (A) Comparison of impact strength of MFC composites; (B) Impact fracture model of MFC.
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Although the fibrils formed in this composite are shorter, they have a higher resistance by
better dissipation of the impact energy. It is known that the rubber phase could initiate crazes thus
contributing to the absorption of the impact energy to block the crack propagation [44]. As was reported
by Perkins et al. [18], polymer toughness can be improved by optimizing the crystalline morphology,
incorporating a discrete rubbery phase or by adding fibres as reinforcements to polymer matrices.

Figure 7B represents the impact fracture model of the MFC and shows that the crazing mechanism
is in fact present. Crazing is one of the preferential deformation mechanisms which may prevent the
further development of the craze into crack along the impact direction [44]. In the composite with good
fibrils dispersion and distribution, the crack will propagate along the impact direction, but it will also
deflect for an angle from the impact direction. The fibrils may induce a crack deflection perpendicular
to the impact direction and transmit the stress to the matrix. This will make the matrix participate
more actively in the stress transfer, which in turn will increase absorbed energy.

Compared to pure MFC, composites POEEXT, POEIM and POE-g-MAIM show a slight but still
significant increase in impact energy. As was explained earlier, all these composites have obtained
three-phase morphology, where besides the PET fibrils in the matrix, POE or POE-g-MA particles are
also dispersed. The highest increase in impact strength was achieved in POEIM, and compared with
POEEXT (p = 0.035) and POE-g-MAIM (p = 0.015), significant differences were found. The reason for
this could be the existence of both spherical POE particles and long PET microfibrils, which both have
acted as nucleating sites for PP matrix and could more effectively include the matrix in absorbing the
energy. As Wang et al. [44] have explained, if the composite contains spherical rubber reinforcements,
the material could be toughened only when the stress field around the rubber particles overlap and go
through the matrix. No significant differences could be observed between POEEXT and POE-g-MAIM

(p = 0.533), but compared to pure MFC (p = 0.030), significant differences can in fact be found.
These differences may be the result from the third rubber phase, as stress transfer is not continuous and
the PET microfibrils cannot reach higher levels of the energy absorption due to their poor dispersion
and distribution.

4.3. Comparison to Non-Fibrillated Blends

In the end, by adding the compatibilizer, we have seen that POE-g-MAEXT improved in terms of
both yield and impact strength, as well as in strain at break compared to all MFCs. Not unexpectedly,
this comes at a cost in terms of stiffness. Given that an increased stiffness is one of the largest gains
achieved by producing MFCs rather than just using non-fibrillated blends, we found it necessary
to hold our results against similar experiments for neat PP, blend or additivated undrawn blends
(here referred to as IMB, Injection Moulded Blends), with the subscript denominating the additive
(added in the compounding step, EXT). These results are summarized in Table 5, together with the
results of MFC and POE-g-MAEXT, which have been added for clarity’s sake. The highest value
achieved is marked in bold.

Table 5. Mechanical properties of injection moulding blends.

Material
Tensile Modulus

GPa
Yield Strength

MPa
Strain at Break

%
Impact Strength

kJ/m2

PP
IMB

1.47 ± 0.1
1.72 ± 0.1

17.3 ± 1.2
24.8 ± 0.4

>500
4.78 ± 0.5

1.45 ± 0.2
2.06 ± 0.4

IMBPOEext 1.58 ± 0.1 27.59 ± 0.7 10.43 ± 2.6 3.04 ± 0.5
IMBPOE-g-MAext
POE-g-MAEXT

MFC

1.21 ± 0.1
1.60 ± 0.1
2.07 ± 0.2

29.54 ± 0.1
32.43 ± 0.4
30.22 ± 0.1

10.48 ± 4.8
190.32 ± 162.8

5.29 ± 0.9

6.55 ± 1.9
6.87 ± 0.7
2.96 ± 0.2

None of the composites, including POE-based additives, achieve the high modulus of neat MFC.
IMBPOEext and POE-g-MAEXT both manage to maintain a modulus of around 1600 MPa, which is close
to that of the neat IMB. However, only POE-g-MAEXT shows an additional large increase in impact
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strength and strain levels, as well as a small improvement in yield strength. IMBPOE-g-MAext does
manage to match its impact strength, but at an unacceptable cost in stiffness.

The formulation of POE-g-MAEXT shows that also short fibrils may act as good reinforcement for
the PP matrix and that at least equal importance should be given to the stress transfer possibilities
between matrix and fibre, which in this case is effectively facilitated by the compatibilizer POE-g-MA.

POE-g-MAEXT is considered the best formulation for the manufacture of a PP/PET MFC with
all-round good mechanical properties.

5. Conclusions

This paper presented a comprehensive study on the relationships between the microstructure and
mechanical properties of PP/PET microfibrillar composites (MFCs). MFCs were prepared in a weight
ratio 80/20 PP/PET via three-step processing with addition of 6 wt % of POE or POE-g-MA during
extrusion or injection moulding.

Under POM microscopy, the presence of PP spherulites was observed in neat PP, and the skin-core
structure was established. Both POM and SEM microscopies confirmed the non-uniform dispersion
and distribution of the fibrils in the samples MFC, POEEXT, POEIM and POE-g-MAIM, while in
POE-g-MAEXT the dispersion and distribution were found to be very good. Furthermore, we were able
to examine the effect of adding POE or POE-g-MA in different steps of processing by means of the SEM
micrographs. In the composites POEEXT, POEIM and POE-g-MAIM the three-phase microstructure was
developed, but the long microfibrils were preserved. Shorter fibrils were obtained in POE-g-MAEXT,
due to the addition of the compatibilizer during extrusion, which prevented a coalescence of the
PET particles. In addition to the development of phase morphology, crystalline morphology was
investigated. The MFCs without an amorphous phase were analysed via SEM under high magnification.
The spherulite structure developed in most of the samples, and a random orientation of the lamellae
was noted in bulk polymer, as well as some spherulite orientation around the fibril holes. PP spherulite
size was drastically lower in all MFC samples, supporting the theory that PET fibrils may act as
heterogeneous nucleating points for the PP matrix.

XRD measurements and melting behaviour have confirmed the formation of α-spherulites in
all composites. DSC analysis, along with SALS measurements of spherulite sizes, showed that
both POE and PET fibrils are good nucleators for PP, in which only PET also effects a shift in Tc.
Furthermore, these combined results suggest that POE will be dispersed within the matrix exclusively,
while POE-g-MA will migrate to the PP-PET interface. It does so, even when added only during
injection moulding, but the strong compatibilizing effect will only occur if it is already added during
the compounding of the blend.

The mechanical results have confirmed that the microstructure and properties are significantly
affected by adding the rubber and the compatibilizer in different processing steps. The impact strength
of POE-g-MAEXT was found to be superior compared to all other composites. All composites have
shown a brittle breakage during the tensile tests, except POE-g-MAEXT, where necking was observed.
In POE-g-MAEXT, a significant increase in yield strength and at strain at break was noted, as the
compatibilizer added during extrusion caused a better interfacial adhesion between PP and PET in the
final composite.

It has been demonstrated that POE-g-MAEXT shows better all-round mechanical properties
compared to both IMBs and MFCs. The PET short fibrils can act as excellent reinforcement for the PP
matrix, when they are produced with an addition of rubber-based compatibilizer during extrusion.
The main objective of this study was to evaluate the potential of adding the compatibilizer only in the
injection moulding step, as suggested by Fakirov et al. Considering all experimental results, we can
conclude that, while postponing the compatibilizer addition does conserve the long fibrils, it does not
create the best mechanical properties for a compatibilized PP/PET MFC. Mixing in the compatibilizer
prior to drawing does achieve this, despite the reduction in fibril length.
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Abstract: Small amounts of carbon nanofillers, specifically high-surface-area graphite (HSAG)
and more effectively carbon black (CB), are able to solve the well-known problem of degradation
(molecular weight reduction) during melt processing, for the most relevant biodegradable polymer,
namely poly(lactic acid), PLA. This behavior is shown by rheological measurements (melt viscosity
during extrusion experiments and time sweep-complex viscosity) combined with gel permeation
chromatography (GPC) experiments. PLA’s molecular weight, which is heavily reduced during melt
extrusion of the neat polymer, can remain essentially unaltered by simple compounding with only
0.1 wt % of CB. At temperatures close to polymer melting by compounding with graphitic fillers,
the observed stabilization of PLA melt could be rationalized by scavenging traces of water, which
reduces hydrolysis of polyester bonds. Thermogravimetric analyses (TGA) indicate that the same
carbon fillers, on the contrary, slightly destabilize PLA toward decomposition reactions, leading to
the loss of volatile byproducts, which occur at temperatures higher than 300 ◦C, i.e., far from melt
processing conditions.

Keywords: poly(lactic acid); carbon black; graphite

1. Introduction

It is well known that melt processing of poly(lactic acid) (PLA) (typically conducted at
temperatures close to 200 ◦C) generally leads to degradation, i.e., high molecular weight reduction [1–4],
even in nitrogen atmospheres [2–5].

Many different approaches have been proposed to achieve PLA melt stabilization [6–14].
In particular, stabilization by compounding with commercial antioxidants and water scavengers [6,7],
or with chain extenders (i.e., molecules that reconnect polymer chains broken due to moisture
at elevated temperatures), such as organic phosphites [8–10] or functional polysilsesquioxane
microspheres [11], has been described. Additional thermal stabilization approaches involve polymer
crosslinking by suitable agents [12–14] and polymer-end protection by acetyl groups [15].

Many reports show, on the basis of thermogravimetric analyses (TGA), that several
nanofillers, such as clays and organoclays [16–21], silica [22,23], lignin [24], and silk [25] and
cellulose [26] nanocrystals, stabilize PLA with respect to decomposition reactions, leading to loss of
low-molecular-weight byproducts, which occur at temperatures higher than 300 ◦C (i.e., very far from
melt processing conditions). In recent years, many papers have been published on PLA composites
with graphite-based nanofillers [27–46] and carbon black [47–50]. These papers report significant
improvements in PLA’s physical (mainly electrical) properties with only a small amount of filler.
Some of these papers report that some carbon fillers, like other nanofillers [16–26], can stabilize
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PLA with respect to decomposition reactions, leading to volatile byproducts at a temperature higher
than 300 ◦C [27,29,32,34,43–46,48,49]. For instance, the addition of exfoliated graphite increases of
5–15 ◦C decomposition temperatures corresponding to a 5% weight loss (Td,5%) [27,29,32].

Stabilization of the polymer toward decomposition reactions leading to volatile byproducts at high
temperatures (for PLA for T > 300 ◦C) does not assure maintenance of polymer molecular weight during
melt processing (for PLA at T ≈ 200 ◦C). In fact, some fillers (e.g., clays) that stabilize PLA toward
high-temperature decomposition reactions destabilize PLA toward degradation reactions, leading
to more pronounced polymer molecular weight reductions, in melt processing conditions [51–56].
In this respect, it is also worth adding that the temperatures corresponding to a 10% weight loss
(Td,10%) for PLA and isotactic polypropylene (PP) were evaluated as 320 ◦C and 270 ◦C, while PP was
incomparably more stable than PLA during melt processing [51].

In this paper, the influence of different graphite-based fillers—A low-surface-area graphite (LSAG),
a high-surface-area graphite (HSAG), and a carbon black (CB)—On the stability of PLA melt at different
temperatures is reported. In particular, PLA stability during melt processing (at 200 ◦C) was studied via
melt viscosity measurements during extrusion, via evaluations of molecular weight distributions of the
extruded unfilled and filled samples with gel permeation chromatography (GPC), and via rheological
measurements (time sweep-complex viscosity). PLA stability at higher temperatures (above 300 ◦C),
where decomposition reactions lead to loss of volatile byproducts, was studied via TGA.

It was found that the considered graphite-based fillers do not improve (or even slightly reduce)
PLA thermal stability above 300 ◦C, i.e., they marginally affect high temperature decomposition
reactions, leading to low-molecular-mass byproducts. However, very small amounts (as low as
0.1 wt %) of high-surface-area graphite and of carbon black, are sufficient to inhibit degradation
reactions, leading to molecular weight reductions without a loss of volatile byproducts, which occur
during processing at 200 ◦C.

2. Experimental

In this work, a commercial grade of PLA produced by NatureWorks (Minnetonka, MN, USA) with
the trade name of 4032D was adopted. This PLA grade has a D-enantiomer content of approximately
2% and a maximum degree of crystallinity of about 45%. A thermal and rheological characterization of
the material can be found in the literature [57–60].

The material was dried at 60 ◦C under vacuum overnight before any processing and
testing operation.

Primary Synthetic Graphite TIMREX® SFG6 with a low surface area (LSAG, of about 17 m2/g),
an average particle size of 6 μm, and a carbon amount of 99.6% was provided by Timcal Graphite &
Carbon (Bodio, Switzerland). Synthetic Graphite TC 307 with a high surface area (HSAG, of about
352 m2/g), a primary particle size less than 1 μm, a carbon amount of 99.92%, and a high shape
anisotropy of the crystallites [61] was purchased from Asbury Graphite Mills, Inc (Asbury, NJ, USA).
The used carbon black sample (CB) of grade N660, with a surface area of 33 m2/g and a particle size
around 49–60 nm, was purchased from Cabot Company (Boston, MA, USA).

Wide-angle X-ray diffraction (WAXD) patterns were obtained by an automatic Bruker D8 Advance
diffractometer (Bruker Corp, Billerica, MA, USA), in reflection, at 35 kV and 40 mA, using nickel-filtered
Cu Kα radiation (0.15418 nm). The d spacings were calculated using Bragg’s law, and the observed
integral breadths (βobs) were determined by a fit with a Lorentzian function of the diffraction patterns.
The instrumental broadening (βinst) was also determined by fitting of a Lorentzian function to line
profiles of a standard silicon powder 325 mesh (99%). The corrected integral breadths of the 002 peak
were determined by subtracting the instrumental broadening of the closest silicon reflection from
the observed integral breadths, β = βobs − βinst. The correlation lengths (D) were determined using
Scherrer’s equation:

D =
Kλ

β cos θ
(1)
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where λ is the wavelength of the incident X-rays and θ the diffraction angle, assuming the Scherrer
constant K = 1.

Melt compounding was carried out by a microcompounder (twin screws, counter-rotating, Haake
Mini-lab II, Thermo Fisher Scientific, Schwerte, Germany). Thanks to a backflow channel and a bypass
valve, it is possible to define the residence time in the microcompounder. Furthermore, this device
allows one to estimate the viscosity as the material is compounded in the back flow channel that is
a rectangular slit with two pressure transducers [62,63]. The tests were conducted at a temperature
of 200 ◦C and a screw rotation speed of 100 rpm. Under these conditions, the estimated shear rate at
which the viscosity was calculated is about 350 s−1. After 15 min, the bypass valve is opened and the
compound is extruded.

The zero-shear rate viscosity of a polymer can be related to the molecular weight of the polymer
by the following equation:

η = c Mwa (2)

where a is an exponent whose value is generally accepted to be 3.4 [64], and c is a parameter that
depends on temperature. According to Equation (2), due to the exponent a, the viscosity is extremely
sensitive to changes in molecular weight, so rheological measurements are an extremely powerful
means of assessing the degradation in the molten state.

The melt compounding was carried out for 15 min (900 s) at 200 ◦C. The materials were then
taken from the microcompounder and used for the subsequent analysis: GPC and rheology.

GPC measurements were conducted by a Waters Breeze GPC system (Waters, Milford, MA,
USA), equipped with a refractive index (RI) detector, by using a set consisting of four Styragel HT
columns with (102, 103, 104, and 105 Å pore size) and 10 μm (particle size). Tetrahydrofuran, THF,
was used as eluent at 35 ◦C at a flow rate of 1.0 mL·min−1. The calibration curve was established with
polystyrene standards.

Time sweep experiments were performed by means of a Haake Mars II (Thermo Scientific)
rotational rheometer in a plate–plate configuration (D = 20 mm) under a dry nitrogen atmosphere.
A constant stress of 100 Pa and a frequency of 1 rad/s were applied during the tests. In this condition,
all measurements were carried out within the linear response domain and within the Newtonian
plateau for all materials. The tests were carried out at a temperature of 200 ◦C for about 3 h.

TGA analyses were conducted with a TG 209 F1, manufactured by Netzsch Geraetebau (Selb,
Germany), with a heating rate of 10 K/min under an N2 flow.

DSC scans were conducted at a heating rate of 10 K/min. and the results are reported in the
supplementary material (Figure S1).

3. Results and Discussion

3.1. WAXD Characterization of Carbon Fillers

WAXD patterns, as collected by an automatic powder diffractometer, of the used low-surface-area
(blue curve) and high-surface-area (red curve) graphites are compared in Figure 1. It is immediately
apparent that their crystalline structures are largely different. In particular, LSAG exhibits a much more
ordered structure, with a large number of narrow diffraction peaks. These peaks can be easily indexed
by assuming the presence of both hexagonal or rhombohedral phases [65,66]. Particularly informative
is the pattern region with 42◦ < 2θCu Kα < 46◦, where four well defined peaks are present, with
two peaks at d = 0.213 nm and d = 0.205 nm indexed as (100) and (101) reflections of the hexagonal
phase and two peaks at d = 0.209 nm and d = 0.197 nm indexed as (101) and (102) reflections of the
rhombohedral phase. The fraction of rhombohedral modification is approximately 30%, as derived by
comparing the integrated intensities for the above cited hexagonal and rhombohedral peaks.
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Figure 1. WAXD patterns (Cu Kα), as collected by an automatic powder diffractometer, of used
carbon fillers: LSAG (lower blue curve); HSAG (intermediate red curve); CB (upper black curve).
H and R labels refer to reflections being specific of hexagonal and rhombohedral phases, respectively.

HSAG exhibits a much more disordered structure, with a strongly reduced number of
diffraction peaks. In particular, besides (00l) reflections and the in-plane 110 reflection at d = 0.123 nm,
only a broad diffraction halo is present that is roughly centered at d = 0.208 nm. This clearly indicates
the occurrence of a turbostratic graphite with a nearly complete disorder in the relative position of
parallel graphitic layers [61,65,67].

For both LSAG and HSAG, the distance between parallel graphitic layers is equal to d = 0.337 nm,
while the corresponding correlation length perpendicular to the graphitic planes (as evaluated by
breadths of the 002 peak) is much lower for HSAG, with D⊥ ,HSAG = 12 nm and D⊥ ,LSAG = 26 nm.

For the sake of comparison, the WAXD pattern of the used carbon black is also shown in Figure 1.
As discussed in detail in a recent paper [68], WAXD patterns of CB (as well as of oxidized CB, oCB)
samples suggest that they are prevailingly constituted by a disordered spatial arrangement of highly
defective structural layers with short in-plane correlation lengths (2–3 nm). This was confirmed by the
ability of oCB to form ordered intercalation compounds [68].

3.2. Melt Compounding of PLA in the Presence of Different Kinds and Amounts of Carbon Fillers

Viscosity values measured during compounding are reported in Figure 2. The data are normalized
with respect to the initial values measured for each material, so that all values start from 1. The curve
which refers to the neat PLA is reported for comparison in all the plots of Figure 2. It can be seen that,
in agreement with that reported in the literature [5,69], the viscosity of pure PLA during compounding
immediately starts to reduce significantly, such that viscosity becomes about one half of the starting
value after about 15 min. According to Equation (2), this reduction suggests a reduction of about 20%
in the molecular weight of the material.

All the fillers adopted, with the exception of graphite LSAG at the lowest used percentage of 0.1%,
introduce a significant stabilizing effect, such that the reduction of viscosity with time is limited to
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about 10%. For graphite HSAG and CB, this effect is reached already for filler contents of 0.1%, which
is an extremely significant result for PLA processing.

Figure 2. Time evolution of normalized viscosity (with respect to the initial value) in the
microcompounder at T = 200 ◦C and 100 rpm. The estimated value of shear rate is about 350 s−1.

GPC curves of PLA pellet and of extruded PLA compounds, with different kinds and amounts of
carbon fillers, are shown in Figure 3.

Elution times of GPC curves of PLA are definitely lower before extrusion (green lowest curve
in Figure 3) than after extrusion (black curve in Figure 3). This confirms that, as generally observed
for PLA, extrusion processes lead to a substantial polymer degradation. As shown in Table 1,
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GPC curves indicate a reduction of about 25% of the initial number-average molecular weights
(Mn and Mw). This is consistent with a reduction in viscosity of about 40%, in agreement with the
results shown in Figure 2.

GPC curves of the extruded PLA compounds indicate that, for all the considered carbon fillers,
a concentration of 3 wt % (continuous lines in Figure 3) is able to eliminate the adverse effect of the
considered PLA processing on molecular mass. Moreover, for HSAG and CB, a concentration as low
as 0.1 wt % is sufficient to stabilize PLA to the molecular mass of the virgin pellet (dotted curves in
Figure 3, 7th and 10th columns in Table 1). Again, these results are consistent with rheological data
reported in Figure 2.

 

Figure 3. GPC curves in THF at 35 ◦C of the PLA pellet (green) of extruded PLA (black) as well as of
extruded PLA compounds, as obtained by processes whose viscosity reduction is shown in Figure 2.
Compounds contain 0.1 wt % (dotted lines), 1 wt % (dashed lines), and 3 wt % (continuous lines) of
different graphitic fillers: LSAG, HSAG, and CB.

Table 1. Number average molecular weight (Mn), weight average molecular weight (Mw), and polydispersity
index (PDI) as evaluated by GPC curves, for PLA pellet and extruded compounds with LSAG, HSAG,
and CB. The evaluated variance is of ±3 kDa.

Extruded PLA Samples

PLA Pellet PLA Neat
LSAG HSAG CB

0.1% 1% 3% 0.1% 1% 3% 0.1% 1% 3%

Mn [kDa] 120 ± 3 88 95 120 120 120 121 120 121 121 120
Mw [kDa] 195 ± 3 146 165 195 196 190 194 196 192 193 193

The PLA pellet and the extruded PLA compounds were analyzed by time sweep rheological tests.
The results are reported in Figure 4 and show even more clearly the thermal stabilization effect of
carbon fillers. These measurements, which were carried out for a very long time (about 3 h) indicate
a degradation at high temperature after the microcompounding step. Under these conditions, it is
possible to discriminate between stabilization effects of HSAG and CB, which would appear to be very
similar on the basis of the viscosity measurements of Figure 2 as well as on the basis of the GPC data
of Figure 3 and Table 1, which indicate the effect of the microcompounding step.

140



Polymers 2018, 10, 139

The viscosity evolution reported in Figure 4 can be interpreted in terms of molecular weight
according to Equation (2). The results are reported in Figure 5.

The initial molecular weight, Mw(t = 0), indicates the value after the microcompounding step
for all the samples except the PLA in pellet. The stabilizing effect of the fillers is clearly evidenced:
the virgin polymer (both neat and extruded) presents a reduction of about 30% in molecular weight
during the 3 h of the test at 200 ◦C. All considered carbon fillers indicate a slower decrease in Mw,
with an effect that generally depends on concentration: an increase from 0.1% to 1% induces a slower
degradation. For CB, 0.1% and 1% induce the same effect and allow for a reduction of just 10% of Mw
during the test.

Figure 4. Time sweep-complex viscosity for the virgin pellet (a) and for extruded PLA samples after
microcompounding: (b) neat and with (c) 0.1 wt % of LSAG; (d) 1 wt % of LSAG; (e) 0.1 wt % of
HSAG; (f) 1 wt % of HSAG; (g) 0.1 wt % of CB; (h) 1 wt % of CB. Experimental conditions: T = 200 ◦C,
f = 1 rad/s, plate–plate, gap = 200 μm.

 

Figure 5. Time sweep-complex viscosity for the virgin PLA pellet (a) and for extruded samples after
microcompounding: (b) neat and with (c) 0.1 wt % of LSAG; (d) 1 wt % of LSAG; (e) 0.1 wt % of
HSAG; (f) 1 wt % of HSAG; (g) 0.1 wt % of CB; (h) 1 wt % of CB. Experimental conditions: T = 200 ◦C,
f = 1 rad/s, plate–plate, gap = 200 μm.
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The obtained results appear to be nearly independent of the surface area of carbon black. In fact,
similar PLA melt stabilization was obtained using a different carbon black sample, exhibiting a
definitely higher surface area (N110 with surface area of 150 m2/g).

The observed polyester melt stabilization by HSAG and mainly by carbon black could be
explained by the removal of traces of water from the melt, thus strongly reducing the hydrolysis
of polyester bonds.

Indeed, on assuming that water is the only reason for molecular chain scission, namely assuming
that hydrolysis is the only degradation mechanism (which is surely a simplification of more complex
mechanisms taking place at high temperatures), one can relate the amount of water to the amount of
carboxylic end groups according to the following equations:

dCa
dt

= −dCc
dt

⇒ Ca = (Cc0 + Ca0)− Cc = Cc∞ − Cc (3)

in which Ca is the concentration of water inside the samples and Cc is the concentration of carboxylic
end groups. The subscripts 0 and ∞ indicate the initial concentrations (at t = 0) and the final situation
in which water molecules completely disappeared, respectively.

Considering that the concentration of carboxylic end groups is related to the concentration of
polymeric chains

Cc =
ρ

Mn
(4)

one simply obtains

Ca =
ρ

Mn∞

(
1 − Mn∞

Mn

)
(5)

and finally

Ca0 =
ρ

Mn∞

(
1 − Mn∞

Mn0

)
. (6)

Assuming that, at least during early stages of degradation, the polydispersity index (Mw/Mn) can
be considered to be constant, as also confirmed by the GPC data reported in Table 1, the data reported
in Figure 5 can be considered to refer to Mn/Mn0 during melt degradation. Those time evolutions
can be fitted by a simple exponential curve, which can provide an estimate of the molecular weight
at long times. For the samples a and h in Figure 5, the exponential fitting is reported. On knowing
the density (1.2 g/cm3) and the initial molecular weight from GPC data reported in Table 1, the initial
water concentration is easily calculated. For the sample a (neat, virgin material), Ca0 is 4.7 mol/m3,
corresponding to about 70 ppm. For the sample h (1 wt % of CB), Ca0 is 2 mol/m3, corresponding to
about 30 ppm. The indication provided by the simplified model described above is that the amount of
water taking part in the hydrolysis can be substantially reduced (of a factor 2 or more) by adding the
fillers analyzed in this work.

This water absorption possibly occurs by specific interactions between water and oxidized groups
on carbon surfaces [70].

3.3. Weight Loss in TGA Experiments of PLA in the Presence of Carbon Fillers

TGA scans of the extruded compounds indicate that PLA thermal stability, expressed in terms
of weight loss, is slightly reduced by compounding with all the considered carbon fillers. Just as an
example, TGA scans with a heating rate of 10 K/min for the PLA pellet, for the neat PLA-extruded
sample, and for the extruded nanocomposites with 0.1 wt % of filler concentration are compared
in Figure 6.

An increase in the decomposition temperature, e.g., corresponding to a 5% of weight loss (TD,5%),
is observed going from the virgin (TD,5% = 327 ◦C) to the extruded neat (TD,5% = 332 ◦C) sample,
although the latter has undergone a remarkable molecular weight reduction (GPC data of Table 1).

142



Polymers 2018, 10, 139

Moreover, compounding with all considered carbon fillers leads to small decreases of TD,5%, mainly
for CB (TD,5% = 328 ◦C).

The results of Section 3.2 clearly indicate that carbon fillers stabilize PLA toward degradation
reactions occurring at temperatures close to 200 ◦C, not far from PLA’s melting temperature, which
leads to a reduction in the molecular masses, without any loss of volatile degradation products.
The TGA results of this section indicate that the same carbon fillers, on the contrary, slightly destabilize
PLA toward decomposition reactions occurring at temperatures higher than 300 ◦C, which leads to a
loss of volatile byproducts.

 

Figure 6. TGA scans for the virgin PLA pellet (a) and for extruded samples after microcompounding:
(b) neat and with (c) 0.1 wt % of LSAG; (d) 0.1 wt % of HSAG; (e) 0.1 wt % of CB.
Experimental conditions: a heating rate of 10 K/min under an N2 atmosphere.

4. Conclusions

Different carbon fillers, specifically low- and high-surface-area graphite as well as carbon black,
have been tested as possible stabilizers of PLA melt.

Melt viscosity measurements during extrusion processes and GPC experiments on the
corresponding extruded samples show a remarkable PLA melt stabilization by all the considered
nanofillers, at a temperature just above melting. In particular, melt stabilization leads to degradation
reactions, leading to molecular weight reduction without any weight loss. For instance, for
extrusions conducted at 200 ◦C, neat PLA exhibits a molecular weight reduction of about 25% while,
by compounding with only 0.1 wt % of HSAG or of CB, PLA’s molecular weight remains unaltered.

Time sweep-complex viscosity measurements, as carried out at 200 ◦C for about 3 h, confirm the
ability of carbon nanofillers to stabilize PLA toward degradation reactions. In fact, PLA’s molecular
weight was reduced by about 30% in the virgin polymer (both neat and extruded), while it was reduced
by amounts in the range 25–10% in the considered carbon composites. These measurements show that
CB most effectively slowed down PLA degradation, for which a content of only 0.1 wt % leads to a
molecular weight reduction close to 10%, much lower than that of the neat PLA (30%).

TGA analyses indicate that the considered carbon fillers, on the contrary, slightly destabilize
PLA toward decomposition reactions, leading to a loss of volatile byproducts, which occur at
temperatures higher than 300 ◦C, i.e., far from melt processing conditions.
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The observed PLA stabilization by carbon fillers, at temperatures suitable for melt processing,
can be explained by scavenging traces of water from the melt, which reduces the hydrolysis of
polyester bonds.

In summary, PLA compounding with very small amounts (even 0.1 wt %) of HSAG and CB lead to
remarkable PLA stabilization toward reactions, leading to molecular weight reduction. This contributes
to the solution of the well-known problem of PLA degradation during processing. The same carbon
nanofillers can also be effective in reducing degradation during processing for other polyesters that
are sensitive to hydrolysis in the melt state.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/10/2/139/s1,
Figure S1: DSC heating scans of the extruded PLA and PLA compounded with 0.1wt % of HSAG, LSAG and CB.
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Abstract: We developed a simple analytical model to describe the instantaneous location and angle
of rod-like conductive fillers as a function of cell growth during the foaming of conductive polymer
composites (CPCs). First, we modelled the motion of the fillers that resulted from the growth
of one cell. Then, by taking into account the fillers located at the line that connected the centres
of the two growing cells, we found the final filler’s angle and location. We identified this as a
function of the corresponding cell size, filler size, and the filler’s initial angle and location. We based
the model’s development on the assumption that a polymer melt is incompressible during cell
growth. The two-cell growth model is better than the one-cell growth model because it describes
the filler’s movement in the cell wall between the two growing cells. The results revealed that the
fillers near the cell were the ones most affected by the cell growth, while those at the midpoint
between the two cells were the least affected. As a cell grows, its affected polymer area also increases.
A dimensionless factor η was introduced to demonstrate the effects of the cell size and the filler length
on the filler’s interconnectivity in the CPC foams. It is vital to keep the filler length comparable to the
cell size when preparing CPC foams with the desired electrical conductivity. Our research provides a
deeper understanding of the mechanism through which foaming influences the filler connections in
CPC foams.

Keywords: conductive filler; orientation; conductive polymer composites; foam; model

1. Introduction

In past decades, conductive polymer composites (CPCs) have been of great interest to those
developing new generations of materials with unique properties and functions [1–4] and showed great
potential for use in various applications such as high-dielectric materials for charge storage [5–8],
electromagnetic interference (EMI) shielding [9–12], and bipolar plates of fuel cells [13–15].
The electrical conductivity can be easily established by adding micro- or nano-size conductive additives
(that is, stainless-steel fiber [16], graphene [17–19], carbon fiber [20], carbon nanofiber [21–23], carbon
black [4,24], and carbon nanotubes [25–27]) to the polymer matrix.

Polymers 2018, 10, 261; doi:10.3390/polym10030261 www.mdpi.com/journal/polymers148
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Efforts have been made to obtain a high electrical conductivity at low filler loadings [28–31].
Recent foaming technology, such as foam injection molding [32] and batch-type foaming [33],
has shown promise in decreasing the electrical percolation threshold and increasing the CPC’s
conductivity. Foam injection molding can enhance the electrical conductivity in the through-plane
direction because the preferentially aligned fillers, which have a machine-direction and/or in-plane
orientations due to the shear force during the injection process, can be rotated toward the through-plane
direction by the biaxial stretching in the polymer matrix caused by cell growth [34–36].

Unlike the foam injection molding, the initial filler distribution of the solid precursors in batch
foaming can be controlled so as to be random. Previous research shows that cell growth may then
slightly align the fillers, and thus may increase the possibility of filler connections, which ultimately
will help to establish conductive networks [37,38]. However, Rizvi et al. [39] and Sun et al. [40]
both found that the electrical conductivity of CPC foams was lower than their solid precursors. It is
unknown whether these contradictory experimental results occurred because the optimal foaming
and material conditions were only applied in some cases or because other factors, such as the polymer
matrix’s crystallinity, also influenced the conductivity [41]. Nevertheless, it remains clear that cellular
growth, either in injection molding or in batch foaming, significantly affects the filler alignment in
CPC foams. It is thus important to comprehend the correlations between the cellular growth and
the filler movement. This will eventually make it possible to estimate the filler orientation’s final
state based on its initial orientation status and on the foaming process. This will result not only in
a fundamental understanding of the foaming action effect on the electrical conductivity, but it will
also help with the systematic optimization of the foaming processes, which will yield products with
enhanced electrical properties.

Shaayegan et al. [20] developed a visualization system to observe the instantaneous fiber
movement (i.e., rotation and translation) as a function of the corresponding cell size and of the fiber’s
initial orientation and location. However, their work was limited to the growth of one cell. The effect
of multi-cell growth on the filler’s motion has more importance in terms of practical applications.

Therefore, in our study, we introduced an analytical model to describe the filler’s rotation and
translation during cellular growth in polymer composite foams. Using this model, we have attempted
to elucidate the effects of multiple factors, including the cell size, the filler length, and the filler’s
relative position with respect to the cell nucleus, on the displacement and re-orientation of conductive
fillers. By analyzing the rotation and translation of the rod-like fillers in the cell walls during cell
growth, we were able to better understand how cellular growth affects the filler’s angle and location in
real CPC foam. This would enable us to demonstrate the feasibility of foaming as a potential strategy
to decrease the percolation threshold in CPCs.

2. Theoretical Estimation

This paper is about cell growth and how its deterministic modelling affects the movements of
various rod-like fillers. First, we focused on how any filler can be moved by any one cell located
close to it. We described the filler’s movements as a combination of (i) the filler’s rotation and (ii) the
translation of the filler’s centre point by the growing cell. Then, we extended this singular filler/cell
case to a slightly more complicated case of one filler and two cells. We asked how one filler could be
moved by two growing cells located close to it. This example showed us how the filler would move if
there were multiple cells present. This approach provided us a clear insight into the filler’s movement
in relation to the cells growing near it.

Then, we extended the example of a single filler’s movement to the movement of multiple
fillers. Since the filler movement is independent, the one-filler’s movement can be extended to the
multiple-fillers’ movement independently with respect to each other. Using this approach, we could
accurately trace how all of the fillers were moving in the polymer matrix while the cells were growing.
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2.1. One-Cell Model Approach

To model the movement of rod-like fillers during foaming, we first considered a simple case of
one-cell growth. We made several assumptions prior to developing the model. In the case of one-cell
growth, the following conditions apply: (1) The radial growth of the cell is symmetric; (2) The fillers
are rigid and do not slip over the adjacent polymer matrix; (3) Upon cell growth, the filler only changes
with respect to the line that passes through the cell centre and the filler midpoint; (4) The growth of a
cell forces the filler to translate in the radial direction of the cell centre to the filler midpoint, and the
filler rotates around its midpoint; (5) The filler does not interfere with the adjacent filler; (6) The fillers
cannot penetrate into the cells and are always located in the polymer matrix; (7) The cell structure is a
closed cell and no open cell is considered; (8) The polymer matrix is incompressible.

As Figure 1 shows, a set of two parameters was used to describe the fillers’ locations and
orientations as well as their changes during cellular growth. One parameter was the “filler location”,
which was defined as the radial distance of the filler midpoint, with respect to the corresponding
cell centre (R0 for the initial location in Figure 1a,c and R for instantaneous locations in Figure 1b,d).
The second parameter was the “filler angle”, which was defined as the angle of the rod-like filler axis
with respect to the line passing through its midpoint and through the cell centre (α0 for initial angle in
Figure 1a,c and α for the instantaneous angle in Figure 1b,d).

 

Figure 1. Two-dimensional (2-D) schematic illustration of filler alignment: (a,c) the initial state with
an initial filler angle of α0 and an initial filler location of R0; (b,d) an instantaneous state with a filler
angle α and a filler location R after expansion with a cell radius Rc. White area in the sphere represents
the cell. Initial and instantaneous volume of incompressible polymer sphere is used to calculate the
changes in “filler angle” and “filler location”.

Due to the polymer’s incompressibility, the initial volume, V1, of a sphere of a radius R1 (Figure 1a)
remains unchanged during cellular growth. As shown in Figure 1a, the R1 can be determined as follows:

V1 =
4
3

πR1
3 (1)
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and from trigonometry,

R2
1 = R2

0 + (
l
2
)

2
− 2·R0· l

2
cos α0 (2)

where l is the length of the filler. The V1 can then be written as follows:

V1 =
4
3

π

(
R0

2 +
l2

4
− R0·l· cos α0

) 3
2

(3)

After expansion, the polymer volume of the V1 is transferred to a spherical ring with inner and
outer radii of Rc and R2, having a volume of V2, as shown in Figure 1b, where Rc is the cell radius at
any time. The V2 can then be written as follows:

V2 =
4
3

πR2
3 − 4

3
πRc

3 (4)

and from trigonometry,

R2
2 = R2 + (

l
2
)

2
− 2·R· l

2
cos α (5)

Similar to the V1, the V2 can be written as follows:

V2 =
4
3

π

⎡⎣(R2 +
l2

4
− R·l· cos α

) 3
2

− Rc
3

⎤⎦ (6)

Furthermore, the volume of any spherical envelope surrounding the filler is invariable during the
expansion phase because the expansion is symmetrical. This is schematically shown in Figure 1c,d,
the volume of the initial and instantaneous spherical rings (envelopes) were V0 and V, respectively.
Therefore, we can write V0 = V. Using trigonometric relations, they can be calculated as a function of
the radii R0 and R, respectively, as follows:

V0 =
4
3

π

⎧⎨⎩
[

R0
2 +

(
l
2

)2
− 2R0· l

2
cos(π − α0)

] 3
2

−
[

R0
2 +

(
l
2

)2
− 2R0· l

2
cos α0

] 3
2
⎫⎬⎭ (7)

V =
4
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π
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2

)2
− 2R· l

2
cos(π − α)

] 3
2

−
[

R2 +

(
l
2

)2
− 2R· l

2
cos α

] 3
2
⎫⎬⎭ (8)

An equation set, which correlates the filler’s location and its angle, before and after cellular
growth, can then be written as follows:

V1 = V2 (9)

V0 = V (10)

By solving this equation set, the instantaneous angle and the location of any filler can be expressed
as a function of its initial location, initial angle, cell size, and filler length.

2.2. Two-Cell model Approach

In a real situation, the rod-like filler will not be affected by only one cell. Two or even more
growing cells may co-influence its location and angle. Therefore, we attempted to model the filler’s
motion under the growth of two cells. To simplify the model, the fillers were assumed to be located
at the centre line of the two cells. Even though this was a specialized general filler arrangement,
it could still provide a straightforward way to analyze the co-influences of the multiple growing
cells on the filler’s movement. In addition to the assumptions made in our model of one-cell growth,
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additional assumptions were made in the two-cell case: (1) The face-centred cubic (FCC) close pack
model (Figure 2a) was used to describe the cell distribution in the polymer matrix; (2) In this model,
the shortest centre-to-centre distance for two adjacent cells corresponded to the distance between the
cell in the cube’s centre and the cell on the cube’s vertex that is, the 2Lt in Figure 2a, where the Lt

was half of the distance between two cell centres; (3) Only fillers located on the centreline of these
two closest cells were considered; (4) The filler movement was assumed to be affected by only two
bubbles; (5) All of the cells grew simultaneously and were the same size at any time; (6) Once the
cells had nucleated, all of the cell nucleation sites were fixed, and the cells grew without any relative
displacement during the entire foaming process.

 

Figure 2. Illustrations of (a) the face centred cubic close pack model and (b) the rod-like fillers located
on the centreline of two closest cells.

In the FCC close pack model, the cell density can be expressed as follows:

4(
2
√

2·L0

)3 = D (11)

where 2L0 is the initial distance between the two closest cell nucleation sites at the beginning of the
cellular growth, and D is the cell density. In one cube, the void fraction, β, can be expressed by
Equation (12) as follows:

4
3
× π × Rc

3 × D = β (12)

From Equations (11) and (12), we can express Rc as a function of L0 and β:

Rc = L0 ×
(

3
√

2β
π

) 1
3

(13)

Since a two-cell growth symmetrical effect was expected, we used a different coordinate. This is
shown in Figure 2b, where the origin point is the middle point of the two cell centres. Thus, the negative
and positive values of the filler’s location R represent the fillers close to Cell A and the fillers
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close to Cell B, respectively. At a specific cell density, the initial distance of the two neighboring
cells can be calculated using Equation (11). Substituting the solved Rc with the known L0 into
Equations (9) and (10), we can then obtain the instantaneous angle α and the location R of any filler
from the growth of Cell A. To define the mutual and related effects of the growth of the two cells, we had
to consider the second Cell B’s influence. We used a two-step cellular growth procedure to simulate
the growth of two cells. As shown in Figure 3, in the polymer matrix around Cells A and B, at first
Cell A started to grow to a radius of Rc. Then, Cell B began to grow based on Cell A’s growth. Finally,
we obtain the effects of the growth of two cells on filler movement. If we divide each step of cell growth
into thousand sub-steps (that is, by dividing the growth of the Rc into thousand parts), we would
confidently neglect the error found in the two-step method and obtain the pseudo-simultaneous
growth of two cells. Using this strategy, we were able to estimate the functions between the final
parameters and the initial status for two-cell growth. We used MATLAB (The MathWorks, Inc., Natick,
MA, USA) to conduct all the calculations in this study.

Figure 3. Illustration of two-step consecutive growth of Cells A and B used in modelling the growth of
two cells.

3. Results and Discussion

3.1. Single Cell-Filler Interaction

Cellular growth in the foaming process can make the rod-like filler rotate and translate. The closer
a filler is to the centre of a growing cell, the greater an impact it experiences. To quantitatively
characterize the filler motion during cellular growth, we modelled the rotation and translation of one
filler located around a single growing cell. Figure 4a shows the variation of the final radial angle, the α

of a filler, with respect to its final location at various cell radii Rc; that is, assuming a cell is growing
near a rod-like filler with a length of 260 nm and an initial angle of 10◦. Rc ranges from 0 to 260 nm.
For a filler at a given distance from the cell nucleus centre, the changes in its angle and location are
increased by an increased cell radius. For example, the filler initially located 50 nm away from the cell
centre will move to 57.6 nm and will rotate from 10◦ to 33.3◦ when the cell radius is 52 nm. If the cell
continues to grow up to 260 nm, the filler will then move 261 nm away from the cell centre and will
rotate to 84◦. In addition, as cell radius increases, the area affected by cell growth, as well as the fillers
located in it, will be increased. It is obvious that, with a 52 nm radius, a cell can, at best, affect an area
of around 300 nm, while a cell with a 260 nm radius can affect fillers located as far as 1000 nm away.
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Figure 4. The effect of single cell growth on the filler orientation, expressed as (a) final angle, α vs.
final location of filler; (b) schematic illustration of the filler’s rotational and translational displacements.
Initial conditions: l = 260 nm, α0 = 10◦.

At a given cell radius, the impact of cellular growth on fiber motion deteriorates as the filler locates
itself further away from the cell centre. The change in the final angle of the filler is decreased as the
radial distance of the filler from the cell nucleus is increased. For example, in a 156 nm cell, the angle of
the filler that was initially 0.4 nm away from the cell nucleus changed from 10◦ to 75◦, but the filler that
was initially 194 nm away from the cell only rotated to 20◦. The same trend occurred in the translation
of the filler. Both the rotation and translation trends of the filler indicated that the polymer domain
closer to the cell had been more radially squeezed and bi-axially stretched. In Figure 4b, the schematic
diagram shows the cell-growth-induced stretch or squeeze effect on the polymer matrix and how the
filler rotation and translation was affected as a consequence of a single cell’s growth.

3.2. Two Cell-Filler Interactions

In a specific CPC foam with a fixed cell size, the impact of one single cell on the filler displacement
is restricted to a limited area. The cell has little influence on the fillers that are far from it. In fact, cells
will grow simultaneously in the polymer matrix at the locations of the cell nuclei. Thus, the fillers are
also simultaneously affected by the growth of multiple cells. This makes it necessary to model the
displacement of the fillers driven by the growth of multiple cells. Therefore, we also modelled the
growth of two cells and then attempted to use the result to interpret the filler’s behaviour in the CPC
foams during the cellular growth.

154



Polymers 2018, 10, 261

The motion of the rod-like fillers became far more complicated in relation to the growth of the
two cells. To simplify the model, we studied only the fillers located on the line that connected the
centres of the two cells. We also examined the fixed initial cell nucleation density from which the cell
started to grow in each case. This was discussed later in this paper. We also studied the effects of
several other factors; namely, the void fraction, the filler’s length, and the initial filler location and
angle on its own movement during the cell’s growth.

3.2.1. Effect of Initial Filler Location and Void Fraction

First, we modelled the final angle of the filler as a function of the final filler’s location at different
void fractions, when the cell density was 2.54 × 1014 cells/cm3. We chose this number because a
previous work [42] had shown that the optimal percolation threshold of the CPC foams’ conductivity
occurred when the cell size was ~100 nm, cell density was ~2.54 × 1014 cells/cm3, and the void fraction
was ~30%. Thus, it was particularly important to investigate the filler motion at that cell density. At a
fixed cell density, the cell radius is fixed once the void fraction is determined. Therefore, like the
one-cell growth case, the two-cell-filler interaction of the cell radii at 0, 47, 62, 74, 86, and 98 nm, which
corresponded to the void fractions at 0, 0.1, 0.2, 0.3, 0.4, and 0.5, respectively, were simulated using the
proposed two-cell growth model. The filler length l and the initial filler angle α0 were set at 260 nm
and 10◦, respectively, so as to be comparable with the one-cell growth case.

The results in Figure 5 show the effects of the two-cell growth on the filler’s rotation and translation.
At the beginning of the cellular growth, along the line connecting the two cell centres, the final filler
angle decreased as the filler distance increased from one cell centre to the other. This reached its lowest
value at the midpoint of the line connecting the two cell centres. Then, it increased, as the filler location
approached the second cell’s centre, and it presented a symmetrical pattern. This was logical because
the two cells on either side of the filler had equally influenced the filler’s motion. The filler at the axis
of the symmetry had the lowest final angle because it was located the farthest away from both cells.
The translation of the filler showed the same symmetrically changing trend as the filler rotation with
respect to the distance of the filler from the cell centres. At the midpoint, the filler did not move at all.
This was because it experienced squeezing pressures that were of the same magnitude, but which
came from opposite directions; thus, the net force was zero. As the filler distance decreased in relation
to either cell centre, it exhibited a greater degree of displacement.

Figure 5. Effect of two-cell growth on the final angle of filler located in the cell centreline. Cell growth
is simulated using the two-step consecutive growth of cells (Figure 4). Final angle vs. final location
of filler at five different expansion ratios (i.e., five cell radii) was illustrated. l = 260 nm, α0 = 10◦,
and D = 2.54 × 1014 cells/cm3, cell size increases from 0 to 98 nm (void fraction increases from 0 to 0.5).
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As the void fraction increases (via an increase in the cell radius Rc), the polymer between the two
cells is radially squeezed and bi-axially stretched. Consequently, the forces exerted on the fillers in
between will increase, and this will increase both the filler’s rotation and its translation. For example,
at the midpoint, the filler’s angle increased from the initial 10◦ to about 35◦ when the cell grew to
98 nm, but only to 21◦ when the cell grew to 47 nm. With cell growth, the fillers that were initially
evenly distributed between the cell nucleation centres were then squeezed into the narrowed areas in
between two cells.

3.2.2. Effect of the Initial Filler Angle

To better understand the filler’s rotation during cell growth, its rotation at a different initial
filler angle α0 at a given void fraction was also modelled and is shown in Figure 6. The α0 varies
from 10◦ to 90◦. The fillers became harder to rotate as their initial angles were increased. In other
words, the fillers with smaller angles were more sensitive to the cellular growth. If the filler is initially
perpendicular to the cell centre-centre line (i.e., α0 = 90◦), it cannot be rotated at all. This indicates that
the fillers randomly distributed in the polymers will be aligned so as to be tangential to the cellular
radii. For practical purposes, the alignment of the fillers must be controlled to a certain extent, so as to
keep the fillers in contact with each other as much as possible.

Figure 6. The rotation of filler at different initial angle during the two-cell growth. l = 260 nm, β = 0.1,
D = 2.54 × 1014 cells/cm3, and Rc = 47 nm.

3.2.3. Effect of the Relative Size of the Filler and the Cell

The cell size could be different under the same void fraction (that is, the cell density can be
different). This means that the electrical conductivity or the filler’s interconnectivity might not be
increased, even with a proper void fraction if the cell size, relative to the filler’s length, was not also
optimal. On the other hand, the filler’s length also plays a critical role in its re-orientation during
cellular growth. A shorter filler relative to the cell size is easier to rotate. Therefore, it was also
important to investigate the effect of the relative size of the filler and the cell on the filler’s motion.

To quantify the effect of the relative size of the filler and the cell, we simulated the filler rotation
under different filler lengths in two representative cell structures (that is, nano- and micro-cellular
foams). As shown in Figure 7a, in the nanocellular foam, when the filler length was smaller than
the cell size or just comparable to it (that is, equal to or 2-fold larger), the filler located around the
midpoint, where there was the least rotation, had rotated from 10◦ to about 35◦. This showed that
a short filler was easier to rotate. The filler rotation was more difficult when the filler length was
increased. When the filler length was about 60 times larger than the cell radius, the fillers in between
barely rotated, except those located very close to the cells. A similar effect of the filler’s length on
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its rotation in microcellular foams is shown in Figure 7b. These results indicate that an appropriate
filler length relative to the cell size is vitally important in preparing CPC foams with the desired
electrical conductivity.

 

l=10 nm
l=25 nm
l=50 nm
l=100 nm
l=260 nm
l=500 nm
l=1000 nm
l=2000 nm
l=3000 nm

l=2 m
l=4 m
l=6 m
l=8 m
l=10 m
l=12 m
l=180 m

Figure 7. Effect of filler length and cell size on rotation of filler when the initial angle is 10◦.
(a) Nanocellular, β = 0.1, D = 2.54 × 1014 cells/cm3, Rc = 47 nm; (b) microcellular, β = 0.1,
D = 9 × 109 cells/cm3, Rc = 3 μm.

3.3. Illustration of the Two-Cell Growth

The effect of the two cells’ growth on the filler’s orientation and location is shown in a schematic
diagram in Figure 8. At t = 0, when the bubbles were under the nuclei, all the fillers at different
locations on the line connecting the two-cell centres were assumed to have the same initial angle.
Once the bubbles started to grow, the polymer near the cells was efficiently bi-axially stretched. As a
result, the filler rotated toward the same direction, which, in this case, was counter-clockwise. As the
void fraction β increased, the filler continuously rotated, and the filler to filler distance was squeezed.
Additionally, the fillers near the cells tended to become perpendicular to the cell-to-cell line. Moreover,
at a fixed void fraction, the polymer close to the cells had more deformation than the polymers
around the midpoint. Hence, the fillers in the polymer matrix next to the cells had more movement
(both rotation and translation) than the fillers in the polymers close to the midpoint.

We only considered the fillers located in between the two cells. This was because each cell would
only affect the fillers located close to it, but would not affect the fillers located further away. Hence,
Cell A, as shown in Figure 8, would not affect the movement of the fillers located on the right side
of Cell B. The fillers located on the right side of Cell B, rather than being located in between the two
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cells, were too far away from Cell A to receive any significant impact from it. In Figure 9, the one-cell
case was compared with the two-cell case, where the fillers were on the right side of Cell B. The filler
movement curve in the one-cell case almost completely overlapped the same curve in the two-cell case.
This indicated that Cell A had not affected the filler rotation and translation at all. This observation
theoretically supported the idea that the current two-cell growth model could also be used to describe
the multi-cell growth system in all CPC foams.

 

Figure 8. Schematic illustration of how the growth of two cells influence the fiber orientation and
location. Fillers located in between the two cells and on the other side of one cell are both shown.

Figure 9. Filler movement under one-cell growth and two-cell growth with fillers located on the other
side of cells rather than in between the two cells (illustrated in Figure 8).

3.4. Experimental Verification

We compared our theoretically predicted results with our earlier experimentally observed
PP/MWCNT data [42]. Our previous experiments showed that, at a relative density of around 0.7
(that is, a void fraction of 0.3), the PP/MWCNT nanocomposite foam’s electrical conductivity was
enhanced and was even higher than in the solid sample (Figure 10) for all of the CNT content.
Du et al. [43] and Gong et al. [44] both proposed that this conductivity enhancement (that is, a decreased
percolation threshold) resulted from the slight CNT alignment. Chang et al. [45] also obtained similar
results using a Monte Carlo simulation to estimate the percolation threshold of fillers with different filler
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orientations. It was found that the percolation threshold was minimized when the fillers were slightly
oriented (both uniaxially and biaxially) rather than being completely isotropic. This corresponded with
the modelling results in our study, which had shown that the conductive fillers were re-oriented during
cell growth and that a relatively low void fraction caused a slight filler orientation and relocation.
We thus hypothesized that the slight orientation of the conductive fillers at a proper void fraction in
CPC foams can increase their conductivity and decrease their percolation threshold. More research is
required to relate the filler interconnectivity (that is, the electrical conductivity) to foaming actions.

 

Figure 10. Electrical conductivity of PP/MWCNT nano/microcomposite foams as a function of
(a) different MWCNT initial content and (b) relative density [42].

4. Conclusions

There is an absence of any quantitative analysis of the rotation and translation of conductive fillers
due to cell growth in CPC foams. This includes those factors that would influence the filler’s orientation
and location. Although our modelling is simple and many assumptions are made, this study is a
first attempt to initiate a discussion about this knowledge gap. The analytical model we developed
successfully describes the instantaneous rod-like filler rotation and translation during the cellular
growth in CPC foams. Our modelling results show that, as a cell grows, its affected polymer area
also grows. The filler located in the polymer thus has more movement. Besides the void fraction,
the relative size of the filler and cell, as well as the initial filler location and angle, has a substantial
impact on the filler’s orientation and translation.
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Abstract: The effects of octakis[(3-glycidoxypropyl)dimethylsiloxy]octasilsesquioxane (GPOSS) on
the crystallinity, crystal structure, morphology, and mechanical properties of polyoxymethylene
(POM) and POM/GPOSS composites were investigated. The POM/GPOSS composites with varying
concentrations of GPOSS nanoparticles (0.05–0.25 wt %) were prepared via melt blending. The structure
of POM/GPOSS composites was characterized by differential scanning calorimetry (DSC), wide angle
X-ray diffraction (WAXD), and polarized light microscopy (PLM). The mechanical properties were
determined by standardized tensile tests. The morphology and dispersion of GPOSS nanoparticles in
the POM matrix were investigated with scanning electron microscopy (SEM) and energy dispersive
X-ray (EDX) analysis. It was observed that the dispersion of the GPOSS nanoparticles was uniform.
Based on DSC studies, it was found that the melting temperature, lamellar thickness, and the degree
of crystallinity of the POM/GPOSS composites increased. The POM/GPOSS composites showed
an increased Young’s modulus and tensile strength. Finally, compared with the pure POM, the addition
of GPOSS reduced the spherulites’ size and improved the crystallinity of the POM, which demonstrates
that the nucleation effect of GPOSS is favorable for the mechanical properties of POM.

Keywords: polyoxymethylene (POM); octakis[(3-glycidoxypropyl)dimethylsiloxy]octasilsesquioxane
(GPOSS); composites; morphology; mechanical properties

1. Introduction

Composites based on polyoxymethylene (POM), or polyacetal with silsesesquioxanes, are an
interesting group of engineering materials due to the significant modification capabilities of these
polymers and their wide application in industry. POM, with (–CH2–O–) as the main chain, is a major
engineering plastic, with a high degree of mechanical strength, dimensional stability, and abrasion
resistance. Two types of acetal are commercially available: homopolymers and copolymers [1].

Engineering applications require the creation of materials with significantly high strength
properties and high thermal resistance. Thus, there is a need for research directed towards the
modification of the structure and properties of materials, and such modification is the main aim of
implementing various nanofillers. The nanoparticles incorporated into the polymer matrix usually
significantly influence the polymer’s crystallization as well as the crystal phase type [2]. Particle size,
their quantity, the degree of dispersion in the polymer matrix, and the processing conditions are the
most relevant parameters in terms of composite properties [3,4].

Polyhedral oligomeric silsesquioxanes (POSS) are nanostructures with the empirical formula RSiO1.5,
where R is a hydrogen atom or an organic group such as alkyl, alkylene, acrylate, hydroxyl, or epoxide
units [4–8]. POSS may be referred to as a silica nanoparticle, consisting of a silica cage core and other
organic functional groups attached to the corners of the cage [8]. The advantage of POSS as a nanofiller is

Polymers 2018, 10, 203; doi:10.3390/polym10020203 www.mdpi.com/journal/polymers162



Polymers 2018, 10, 203

due to the magnitude of its core; the core of octasilsesquioxanes can reach as high as approximately 0.5 nm.
The whole molecule, depending on the substituent type, can range from 1 to 3 nm [9,10]. Comparing
the average size of the macromolecular chains of these silsesquioxane molecule sizes, together with the
possibility of implementation of the appropriate functional group, facilitates the deposition of POSS in the
polymer matrix. Poly(methyl methacrylate) [10], polyethylene [11], polypropylene [12,13], poly(ethylene
terephthalate) [14], polylactide [15], epoxide resins [16], polyurethanes [17], and polyoxymethylene [18,19]
were all found to have an impact on certain physical properties such as glass transition, decomposition
temperature, viscosity, fracture toughness, and barrier properties [20–24].

Few papers have been published concerning the effects of POSS molecules on the melting and
crystallization, the microstructure, and the thermo-mechanical properties of polyoxymethylene [25–27].
Durmus et al. investigated the microstructure and isothermal melt-crystallization behavior of
polyoxymethylene (POM) modified by methyl-polyhedral oligomeric silsesquioxanes (methyl-POSS) [25].
They pointed out that the addition of a PP/POSS nanocomposite dramatically enhances the crystallization
rate of POM. It was concluded that the rate acceleration effect of the PP/POSS nanocomposite in POM
crystallization is probably due to the tremendous increase in the number of nuclei due to the nano-POSS
particles [25]. Lllescas et al. studied hybrid nanocomposites containing polyoxymethylene copolymer
(POM) and four types of polyhedral oligomeric silsesquioxane (POSS) nanoparticles. They found that
the added POSS nanoparticles can improve the thermo-mechanical properties of some polymers [26].
They reported that the formation of hydrogen bonding interactions between the POM and Si–OH
groups of msib-POSS increased their mutual compatibility and led to nanometer-size dispersion
of some msib-POSS molecules [26]. Pielichowski et al. studied the influence of the heating rate
on the shape of the melting peak of polyoxymethylene (POM) using both high-speed differential
scanning calorimetry (DSC) and StepScan DSC. They pointed out that a low heating rate facilitates the
recrystallization of polyoxymethylene due to molecular nucleation [27].

The aim of this study was to determine the influence of a small amount of GPOSS on the
crystallinity, crystal structure, morphology, and mechanical properties of POM, where the introduction
of the nanoparticles is achieved via melt processing.

2. Experimental Section

2.1. Materials

The commercial form of POM (Tarnoform 300), with a melt flow index of 0.9 g/10 min (190 ◦C,
2.16 kg), was supplied by Grupa Azoty S.A (Zakłady Azotowe, Tarnów-Moscice, Poland) for use in this
study. GPOSS was synthesized by the hydrosilylation process [28], using a methodology developed at
the Faculty of Organic Chemistry of Adam Mickiewicz University (Poznan, Poland). The synthesis of
GPOSS was conducted in accordance with the procedure described in [29,30].

The chemical structure of GPOSS was confirmed by spectroscopic methods (NMR, FT-IR), and
the results of analysis are as follows:

1H NMR (CDCl3, 298 K, 300 MHz) δ (ppm) = 0.05 (OSiCH3); 0.51 (SiCH2); 1.51(CH2); 2.47, 2.65
(CH2O); 3.00 (CHO); 3.25 (CH2O); 3.33, 3.56(OCH2).

13C NMR (CDCl3, 298 K, 75.5 MHz) δ (ppm) = −0.66 (SiCH3); 13.39 (SiCH2); 22.89 (CH2); 43.98
(CH2O); 50.29 (CHO); 71.75 (OCH2); 73.61 (CH2O).

29Si NMR (CDCl3, 298 K, 59.6 MHz) δ (ppm) = 12.87 (OSi(CH3)2); −109.13 (SiOSi).
FT-IR (ATR): 2998, 2955, 2931, 2869, 1253, 1070, 902, 838, 547 cm−1.
The chemical formula of GPOSS is presented in Figure 1.
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Figure 1. Chemical structure of the octakis[(3-glycidoxypropyl)dimethylsiloxy]octasilsesquioxane (GPOSS).

2.2. Preparation of the POM/GPOSS Nanocomposites

POM pellets were ground into a powder using a Tria grinder and dried at 80 ◦C for 4 h. The POM
powder was premixed with various amounts of GPOSS (0.05, 0.1, and 0.25 wt %) using the rotary mixer
Retsch GM 200 (Retsch GmbH, Haan, Germany) (t = 4 min, n = 2000 rpm). The melt-mixing of the
blends was carried out in a Brabender single screw extruder, equipped with an intense mixing zone,
operating at 190 ◦C with a screw rotational speed of 15 rpm. The extruded rod was cooled in a water
bath and subsequently pelletized. Standard test samples were produced by injection molding using
an Engel machine (ES 80/20HLS, Schwertberg, Austria) with a 22 mm screw and an L/D ratio of 18.
The processing parameters were as follows: injection temperature along the barrel: 180/190/200 ◦C;
nozzle temperature: 210 ◦C; mold temperature: 60 ◦C.

2.3. Characterization

2.3.1. Differential Scanning Calorimetry (DSC)

The melting and crystallization behavior of the composites were studied using a differential
scanning calorimeter (Netzsch, DSC 204 F1 Phoenix, Selb, Germany) operating under nitrogen flow
(150 mL/min). Samples of about 8 mg were heated up to 220 ◦C and held there in order to eliminate
the thermal and mechanical prehistory. Next, the samples were cooled to 120 ◦C at a cooling rate of
20 ◦C/min and held there for 5 min and finally reheated again to 220 ◦C at the same rate.

The degree of crystallinity (Xc) of the samples was determined from the values of enthalpy melting
registered during the second heating, using the following equation:

Xc(%) =
ΔHm

(1 −ϕ)ΔH0
m

(1)

where ΔHm is the melting enthalpy of the samples, ϕ is the weight fraction of GPOSS nanofiller, and
ΔH0

m is the melting enthalpy for a 100% crystalline of polymer—this latter measurement was taken as
186 J/g for the POM copolymer [31].

2.3.2. Optical Polarized Light Microscopy (PLM)

An optical polarized light microscope (PLM) (Nikon Eclipse E400, Kanagawa, Japan), equipped
with a Linkam THMS 600 hot stage (Linkam Scientific Instruments Ltd., Tadworth, UK) was used to
study the crystallization process via cooling. The samples were heated at 200 ◦C for 2 min to obtain a full
melting of the POM, then quickly cooled (20 ◦C/min) to the isothermal crystallization temperature
of approximately 148 ◦C. The growth of the spherulites was observed during crystallization using
an Opta-Tech camera (Opta-Tech, Warsaw, Poland) at 200× magnification.
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2.3.3. Wide-Angle X-ray Diffraction (WAXD)

The crystal structures of the POM and POM/GPOSS composites were evaluated with wide-angle
X-ray diffraction (WAXD) measurements taken at room temperature, using a Brücker D2 diffractometer
(Madison, Japan), equipped with Cu Kα radiation (λ = 0.1542 nm), operating at 40 kV and 40 mA.
Diffraction patterns were recorded for 2θ values ranging from 10 to 50◦, at a scanning rate of 0.01◦/s.
The d-spacing of the POM/GPOSS was evaluated with the Bragg equation:

2d sin θ = nλ (2)

where θ is the Bragg’s angle for the corresponding crystallographic plane (hkl), n is the order of
diffraction, and λ is the incident wave length.

2.3.4. Mechanical Properties

The mechanical properties of the samples were determined by tensile tests performed using
a universal testing machine: a Zwick/Roell Z005 (Ulm, Germany). The samples were dumbbell-shaped,
with dimensions of 75 mm × 5 mm × 2 mm (test specimens type 1BA), according to the PN-EN ISO
527-2 standard. The tensile tests were run at room temperature. Tensile modulus was determined at
a 1 mm/min cross head speed, whereas other tensile characteristics were measured at 50 mm/min
speed. Young’s modulus (E), ultimate tensile strength (σM), and tensile stress at break (σB) were
evaluated from the tensile stress-strain curves. The reported data were the average of the results of
10 specimens.

2.3.5. Scanning Electron Microscope (SEM)

The morphology of the fractured surfaces of the POM/GPOSS composite, coated with gold, was
observed using a scanning electron microscope (SEM)—TESCAN TS 5135 (Brno, Czech Republic).
The dispersion of GPOSS nanoparticles in the POM matrix was investigated using the back-scattered
electron (BSE) signal and secondary electron (SE) signal, with an accelerating voltage of 15 kV, and the
Si distribution was subsequently mapped.

3. Results and Discussion

3.1. Effect of GPOSS on Melting and Crystallinity

The DSC melting curves for pure POM and POM with GPOSS nanoparticles, registered during
the first heating at a rate of 20 ◦C/min, are shown in Figure 2.

Figure 2. Differential scanning calorimetry (DSC) melting curves of pure POM (a) and its composites
with different GPOSS concentrations at the first heating rate of 20 ◦C/min: (b) 0.05 wt %; (c) 0.1 wt %;
(d) 0.25 wt %.
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The onset of the melting temperature (Tm1 onset), the maximum melting temperature (Tm1), the
melting enthalpy (ΔHm1), the lamellar thickness (lc), the melting enthalpy (ΔHm2), and the crystallinity
(Xc) are listed in Table 1.

Table 1. DSC data of pure POM and POM/GPOSS composites (cooling and heating rate: 20◦/min).

Samples Tm1 (◦C) Tm1 onset (◦C) ΔHm1 (J/g) lc (nm) ΔHm2 (J/g) Xc (%)

pure POM 169.2 158.0 −138.5 9.8 −134.3 72
POM/0.05 wt % GPOSS 171.2 159.0 −142.0 11.4 −135.8 73
POM/0.1 wt % GPOSS 173.7 160.0 −143.5 14.2 −137.4 74
POM/0.25 wt % GPOSS 175.7 163.2 −154.1 17.2 −149.9 81

A clear single endothermal peak within the temperature range of 169–180 ◦C for the pure POM
and its composites was observed, indicating that, as the result of modification, compatible blends of
POM with GPOSS were achieved. This suggests a strong interfacial interaction between POM and the
glycid groups of POSS. As seen in Figure 2, it follows that the melting temperature of POM/GPOSS
composites becomes higher as GPOSS content increases. For example, an increase in the Tm from
169 ◦C in pure POM to 176 ◦C (an increase of approximately 7 ◦C) in POM with 0.25 wt % GPOSS was
observed, an effect consistent with our primary observation for polyoxymethylene modified by vinyl
groups of POSS [19].

The melting temperature (Tm1) observed during the first DSC heating run may be related to
the lamellar thickness, where a greater lamellar thickness corresponds to a higher polymer melting
temperature. This relationship is described by the Gibbs-Thompson equation (Equation (3) [32].
Based on this equation, the lamellar thickness (lc) of the POM/GPOSS composites was evaluated and
compared with the corresponding values of the pure POM.

lc =
2σe · T0

m

Δh0(T0
m − Tm)

(3)

where Tm is the observed melting temperature for a crystalline lamellar of thickness (lc), T0
m is the

equilibrium melting temperature of the crystalline lamella of an infinite thickness, σe is the lamellar
basal surface free energy (12.5 × 106 J·cm−2 for POM) [33], and Δh0 is the enthalpy of fusion for the
crystalline phase (315 × 106 J·cm−3 for POM) [34].

Figure 3 illustrates the relationship between the amount of GPOSS and lamellar thickness (lc) of
the POM polymer single crystals.

Figure 3. The variation in the lamellar thickness of pure POM and its composites, calculated from DSC
(first run) experiments as a function of GPOSS content.
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An increase in the lamellar thickness of POM with 0.25 wt % GPOSS to about 17 nm, compared
with the pure POM where the lamellar thickness was equal to 9.8 nm, was noted. It is known that
lamellar thickness increases with an increase in crystallization temperature [35]. A similar phenomenon
has been observed in POM with carbon nanotubes (CNTs) [36].

As presented in Table 1, an increase in the Xc value from 72% in pure POM to 81% (i.e., an increase
of about 13%) in POM modified with 0.25 wt % GPOSS was observed. A significant increase in
enthalpy in the second melting (ΔHm2) from 134.3 J/g in pure POM to 150 J/g in the highest amount of
POM/0.25 wt % GPOSS may indicate that GPOSS additives play a heterogenic nucleation role in POM.

Similar effects have been observed by Hu and Ye through the analysis of the POM crystallization
process with the addition of polyamide 6 (PA6). It has been shown that PA6 leads to an increase in the
degree of crystallinity (Xc), improving the crystallization growth rate and resulting in a reduction in
the size of spherulites in POM [37].

3.2. Effect of GPOSS on the Spherulitic Morphology

The spherulitic morphology of pure POM and POM/GPOSS composites was observed using
optical polarized light microscopy (PLM), as shown in Figure 4.

 

Figure 4. PLM micrographs of the crystallized pure POM (a) and its composites with different GPOSS
concentrations: (b) 0.05 wt %; (c) 0.1 wt %; (d) 0.25 wt %. T = 148 ◦C. The cooling rate was set to
20 ◦C/min. (magnification 200×).

Significant differences between the structure of pure POM (Figure 4a) and POM modified with
GPOSS can be seen in Figure 4b–d. For all cases, spherulite forms differing in magnitude, shape,
spatial distribution, and well-developed spherulitic morphology can clearly be seen. It is obvious that
the POM spherulites become smaller as GPOSS content increases (Figure 4b–d). Figure 5 illustrates
the dependence of the size of spherulites in the POM on GPOSS content; the addition of 0.25 wt %
GPOSS leads to a significant decrease in POM spherulite size—specifically, from 48 × 10−6 to about
35 × 10−6 m. Such an effect is due to the heterogeneous nucleation role of GPOSS.
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Figure 5. The dependence of the size of spherulites in pure POM and its composites with different
GPOSS concentrations. The cooling rate was set to 20 ◦C/min.

3.3. Effect of GPOSS on the Crystal Structure

The crystal structure of POM was studied using the WAXD technique. The analysis of the WAXD
allows us to determine the crystal atom structure, including the position/symmetry of the atoms in the
unit cell, the unit cell size, and the shape/size of the nanocrystalline domain [38]. The X-ray diffraction
patterns for the POM and POM/GPOSS composites with different GPOSS concentrations, as a function
of Bragg’s angle (2θ) and measured at room temperature, are presented in Figure 6.

Figure 6. WAXD curves of pure POM and its composites with different GPOSS concentrations at room
temperature: (a) 0.05 wt %; (b) 0.1 wt %; (c) 0.25 wt %.

As can be seen in Figure 6, two intense Bragg diffraction peaks can clearly be observed at the
Bragg angles 2θ = 22.7◦ and 2θ = 34.14◦, where the peak at 22.7◦ corresponds to the basal reflection
(100), and the peak at 34.14◦ corresponds to the basal reflection (105). POM crystallizes in a hexagonal
crystallographic form with unit cell dimensions of a = b = 4.46 Å and c = 17.3 Å [39]. In general, it was
observed that the X-ray diffraction patterns of POM/GPOSS composites are similar to the diffraction
pattern of the hexagonal form observed for the crystalline phase of pure POM. The crystallite size
(Lhkl), according to the Scherrer formula (Equation (3)), was evaluated for the crystallographic plane
(100), using the following equation:

Lhkl =
Kλ

βhkl × cos θhkl
(4)
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where Lhkl is the apparent crystallite size of the normal direction of the {hkl} crystal plane (in Angstrom,
1 Å = 10−10 m), K is a Scherrer constant, normally taken as 0.9, βhkl is the full-width at half-maximum
(in radian) of the crystalline peak, nm, θ is the Bragg diffraction angle, and λ is the wavelength of
entrance X-ray (0.154 nm for Cu), as presented in Table 2.

Table 2. Crystal size (Lhkl) evaluated according to the Scherrer formula.

Samples L100 (Å)

pure POM 228
POM/0.05 wt % GPOSS 217
POM/0.1 wt % GPOSS 186

POM/0.25 wt % GPOSS 143

The highest WAXD diffractogram intensity was observed for the POM/GPOSS composites,
indicating the higher crystalline structure order of the POM.

Based on WAXD studies, it was also shown that, with an increase in GPOSS content in the POM,
an increase in the diffraction peak at half height width occurs, corresponding to a reduction in crystal
size (from 228 to 143 Å).

In 0.05 and 0.25 wt % POSS, a clear decrease in the L100 crystallite size of composites, in comparison
with pure POM, was found, suggesting that GPOSS has a nucleating effect on POM.

3.4. Effect of GPOSS on Mechanical Behaviour

In Figure 7, typical tensile stress-strain curves of pure POM and POM/GPOSS composites with
different GPOSS nanoparticle concentrations are presented.

Figure 7. Tensile stress-strain curves of pure POM (a) and its composite with different GPOSS
concentrations: (b) 0.05 wt %; (c) 0.1 wt %; (d) 0.25 wt %.

The average values and standard deviations of mechanical properties are given in Table 3.

Table 3. Mechanical properties, with standard deviations, of pure POM and POM/GPOSS composites.

Samples Ultimate tensile strength (MPa) Young’s modulus (GPa) Tensile stress at break (MPa)

pure POM 55.00 ± 0.52 1.83 ± 0.13 45.97 ± 0.65
POM/0.05 wt % GPOSS 57.50 ± 0.43 2.44 ± 0.23 49.78 ± 0.78
POM/0.1 wt % GPOSS 57.64 ± 0.90 2.48 ± 0.15 49.90 ± 0.69
POM/0.25 wt % GPOSS 57.80 ± 0.95 2.60 ± 0.25 50.25 ± 0.73
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The Young’s modulus (E), ultimate tensile strength (σM), and tensile stress at break (σB) values of
POM/GPOSS composites and pure POM were compared, and an increase in tensile properties, such as
strength and modulus, with increasing GPOSS concentrations was noted. The Young’s modulus of the
POM was increased from 1.8 to 2.6 GPa with the addition of 0.25 wt % GPOSS, which corresponds to
an approximate 45% increase. Similarly, an increase in tensile strength was observed for POM/GPOSS
composites compared to pure POM. The maximum value of the tensile strength (σM) was observed for
the POM/GPOSS composite with the addition of 0.25 wt % GPOSS. Compared with the pure POM, the
addition of GPOSS reduced the size of the spherulites and improved the crystallinity (Xc) of the POM,
which demonstrates the nucleation effect of GPOSS, as the nucleus is favorable for the mechanical
properties. These results are in agreement with the DSC results. The changes in mechanical properties
may also be a result of a good dispersion of GPOSS nanoparticles in the POM matrix and a good
adhesion of these two components.

3.5. Effect of GPOSS on Morphology

SEM microscopy was used to analyze the morphology and dispersion of particles of GPOSS in
the POM matrix. Figure 8 presents SEM images that show the morphologies of pure POM (a) and
POM/GPOSS composites with the addition of 0.05 wt % (b) and 0.25 wt % GPOSS (c).

Figure 8. SEM images of the fractured surface (a–c) and Si mapping (d–e) of pure POM (a) and its
composites with different GPOSS concentrations: (b) 0.05 wt %; (c) 0.25 wt %.

A relatively homogenous distribution of GPOSS particles in the POM matrix can be seen in
Figure 8a–c. The dispersion of the GPOSS particles in the POM matrix was homogeneous, and a similar
phenomenon was described in the literature for silsequioxanes with polyamide and polyethylene [30].
Figure 8d,e shows the energy dispersive X-ray spectrometer (EDS) composition distribution maps of
the Si element on the surface of the POM/0.05 wt % GPOSS (d) and POM/0.25 wt % GPOSS composites
(e). The white dots in this figure are the X radial signals radiating from the Si element. A random
dispersion of 0.25 wt % GPOSS nanoparticles was found on the entire fractured surface of the POM.
A similar effect was observed for polyoxymethylene and POM/HAp nanocomposites [40].
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4. Conclusions

In the study reported herein, the effect of GPOSS on the melting behavior, structure, and mechanical
properties of POM was investigated. The properties of POM/GPOSS composites were characterized
as a function of the GPOSS content, which varied from 0 to 0.25 wt %. DSC measurements indicated
a significant change in the melting temperature and crystallinity of the nanocomposites, relative to
the matrix. POM/GPOSS composites of an evidently higher degree of crystallinity were achieved,
indicating a heterogenic nucleation role of the GPOSS additive for pure POM.

Polarized microscopy results indicate that the POM spherulites become smaller as GPOSS content
increases. During POM crystallization, small spherulites about 35 μm in diameter were produced.
The incorporation of GPOSS reduced the mean size of the spherulites, suggesting a nucleation effect.
X-ray diffraction results indicate no significant changes in the hexagonal structure of the POM in the
presence of GPOSS.

The enhancement in the Young’s modulus of the composites containing 0.25 wt % GPOSS, relative
to the pure POM, was about 45%. This suggests that GPOSS should work as a reinforcement in the
POM matrix. The reason for this is due to the good dispersion of GPOSS in the POM matrix. SEM
results proved the existence of a uniform structure in the heterogeneous compatible blends, in which
intensive interfacial interactions may be present.
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Abstract: The development of a highly oriented fiber morphology by effect of tensile deformation of
stereodefective isotactic polypropylene (iPP) samples, starting from the unoriented γ form, is studied
by following the transformation in real time during stretching through wide angle X-ray scattering
(WAXS) measurements. In the stretching process, after yielding, the initial γ form transforms into
the mesomorphic form of iPP through mechanical melting and re-crystallization. The analysis of
the scattering invariant measured in the WAXS region highlights that the size of the mesomorphic
domains included in the well oriented fiber morphology obtained at high deformations increases
through a process which involves the coalescence of the small fragments formed by effect of tensile
stress during lamellar destruction with the domain of higher dimensions.

Keywords: isotactic polypropylene; stress-induced phase transitions; structural analysis; X-ray
diffraction

1. Introduction

The structural and morphological transformations of isotactic polypropylene (iPP) by effect of
stretching have been widely studied [1–20]. These studies are mainly concerned with iPP samples
synthesized by Ziegler-Natta (ZN) heterogeneous catalyst systems [1–15]. In general, ZN-iPP crystallizes
from the melt in the α form, which shows high rigidity, and breaks at low deformations before
yielding [1–15,21]. Therefore, the key to probing the mechanical response of iPP, in the α form up to high
deformations, generally consists in crystallizing iPP from the melt at high cooling rates, to obtain more
easily deformable samples, due to formation of thin lamellar crystals or of the mesophase [1–10,14].

More recently, the deformation behavior of metallocene-made iPP samples with a uniform
distribution of stereodefects has been also studied [16–20]. These samples contain only one kind of
stereo-defects, namely isolated rr triads, at concentrations in the range 0.5–11 mol % [16]. They crystallize
from the melt as mixtures of the α and γ forms [22]. In particular, the relative amount of γ form
increases with increasing the concentration of rr defects. Simultaneously, the values of the melting
temperature and the degree of crystallinity decrease from 160 to 84 ◦C, and from 70% to 40%, respectively,
and also the values of Young modulus decrease, from 200 to 19 MPa [16,18,22]. However, in spite of
the relatively high values of melting temperature, crystallinity and Young modulus, these samples
show high ductility, with values of deformation at break increasing with increasing the concentration
of defects [16,18,22]. They define a class of materials with properties which can be finely tuned
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by introducing the tailored amount of rr defects in the reactor step [17,22]. Typically, properties
of stiff-plastic materials with high melting temperatures are achieved at low defect concentrations,
whereas at intermediate rr concentrations, the samples show properties of flexible-materials melting in
the temperature range 115–120 ◦C, and achieve properties of elastomeric materials with high strength
due to the high crystallinity (higher than 40%), melting at 80–110 ◦C, at high concentration of rr
defects [22]. This behavior is clearly different from that of ZN-iPP, for which, the γ form may be
obtained only at high pressures and in low molecular mass fractions [23].

The study of the structural and morphological transitions occurring by effect of stretching in
metallocene-made iPP samples was studied both at unit cell and lamellar length scales, by performing
wide (WAXS) and small (SAXS) angle X-ray scattering measurements [16–20]. In particular, WAXS
analysis show that during the transformation of the initially isotropic spherulitic morphology into
a well oriented fiber morphology by effect of stretching, the initial crystalline α and/or γ forms
transform into a well-oriented mesophase [16–20], as in Ziegler-Natta iPP [1–15]. The transformation
into mesophase is gradual and starts occurring at deformations higher than the yielding point,
that is concomitant with lamellar fragmentation (mechanical melting) and successive recrystallization
into fibrils [17–20,24,25]. The critical strain at which the phase transition starts occurring depends
on the stability of the crystal blocks initially present in the sample and the entanglement density
of the amorphous phase [17–20,24,25]. SAXS analysis, instead, reveals that the main events
occurring at low deformations are interlamellar separation and lamellar reorientation [19,20,26–29].
With increasing the deformation, chevron-like textures develop, followed by fragmentation of lamellae,
and cavitation [19,20,29–34]. The fibrillary morphology obtained upon lamellar fragmentation is
characterized by rod-like entities consisting of mesomorphic elongated aggregates separated by
amorphous regions, placed at uncorrelated longitudinal and lateral distances [19].

In this paper, we focus on an aspect often neglected in performing the analysis of the WAXS
data collected in real time during tensile deformation, that is the behavior of the scattering invariant
defined in the WAXS region as a function of deformation. The analysis is illustrated in the case of
two stereodefective metallocene iPP samples and has allowed highlighting a process of coalescence
of mesomorphic fragments included in the well oriented fibers obtained at high deformations with
consequent formation of larger domains.

2. Materials and Methods

Samples, synthesized using single site organometallic catalysts activated with methylalumoxane
as described in ref. [35], are analyzed. The samples are characterized by molecular mass of ≈120 and
≈210 kg/mol, a polydispersity index close to two and a concentration of stereo-defects consisting
solely of isolated rr triads equal to 5.92 and 11.01 mol % [22]. The samples show high level of
crystallinity (≈40–55%), relatively high melting temperature, glass transition temperature around 0 ◦C,
and crystallize from the melt almost completely in the γ form [22]. The main characteristics of these
samples are shown in Table 1.

Table 1. Molecular mass (Mv), melting temperature (Tm) and content of rr triads of iPP samples
prepared by metallocene catalysts as described in ref. [22] a.

Sample Mv (kg/mol) b Tm (◦C) c [rr] (mol %) d xc
f (%) fγ f (%)

iPP-5.9 211 114 5.92 55 96
iPP-11.0 123 84 11.01 42 100

a The polydispersity index of molecular masses is close to 2. b From the intrinsic viscosities [15,22]. c The melting
temperatures were obtained with a differential scanning calorimeter Perkin Elmer DSC-7 performing scans in
a flowing N2 atmosphere and heating rate of 10 ◦C/min [22]. d Determined from solution 13C NMR analysis [22].
f Crystallinity index xc and relative amount of γ form with respect to the α form fγ evaluated from X-ray diffraction
profiles of compression-moulded samples [16–20].

175



Polymers 2018, 10, 162

Specimens of rectangular shape and initial gauge length l0 of 3.0 mm, width w0 of 1.6 mm,
and thickness t0 of 0.25 mm were cut from films obtained by melting the samples in a hot press up to
reach a temperature 20–30 ◦C higher than the melting temperature determined in the DSC scans, using
only a small pressure, and by cooling the melt to room temperature while fluxing cold water in the
refrigerating system of the press (average cooling rate ≈ 10 ◦C/min).

The stretching experiments are performed at 25 ◦C while collecting in situ bidimensional WAXS
patterns using the high flux available at the Synchrotron Radiation Source in Daresbury (Cheshire, UK,
beam-line 16.1). The applied deformation rate is 2.36 mm/min, the wavelength of incident radiation
is λ = 1.4 Å, and the WAXS images are collected at a rate of 1 frame/5 s. The size of the primary
X-ray beam at the sample position is 0.1 × 0.1 mm2. The strong reflections of the unoriented film
specimens are used to determine the correct beam center coordinates and the sample to detector
distance. Roughly, the transmission factor is determined measuring the intensity of the direct beam
(using an attenuator) in absence of the sample, and in presence of the sample, before stretching, and at
the end of stretching experiment. In no case the sample was brought to the rupture. Raw WAXS data
are reduced and analyzed using the home made software XESA [36]. In the experiments, the X-ray
beam is incident on the central region of the specimens. In this way, the structural changes occurring by
effect of mere uniaxial deformation with negligible shear components may be probed. The equatorial
profiles are obtained by radial integration of WAXS intensity along arcs in slices spanning an angle of
±20◦ with respect to the horizontal axis (equator) of the bidimensional WAXS images. We checked
that in the stretching conditions adopted for the in situ WAXS measurements, the samples experience
uniform deformation. We found that the thickness t decreases according to a power law t = t0 (l0/l)ν,
with ν comprised between 0.4 and 0.5, depending on the deformation, l being the gauge length of the
deformed specimens [19,20]. In the calculation we set, for the sake of simplicity, ν ≈ 0.5, in the whole
deformation range, as expected for ideal rubbery materials [37].

3. Results

The stress-strain curves and representative WAXS images collected in situ during stretching
of compression-moulded specimens of the samples iPP-5.9 and iPP-11.0 are shown in Figure 1.
The equatorial profiles extracted from the bidimensional WAXS images collected at relevant
deformations are reported in Figure 2. The initial compression-moulded samples are crystallized from
the melt in the γ form almost completely (patterns a of Figure 1) [19,20].

The WAXS images indicate that the γ form gradually transforms into the mesomorphic form of iPP
by effect of deformation [16–20]. The transformation into mesophase starts at deformation εstart ≈ 200%
and is complete at εend ≈ 400–500% (Figures 1 and 2). In all cases a highly oriented fibrillary
morphology is obtained already at the deformations marking the end of transition [19,20].

The textural transformations of the initially isotropically oriented morphology into a well-oriented
fiber morphology is indicated by the change in distribution of intensity of the reflections along the
azimuthal angle χ defined in the image a of Figure 1A. This is particularly evident for the changes in
the azimuthal spreading of intensity at q ≈ 10 nm−1, corresponding to the reflection (111)γ of γ form at
low deformations (images a–c of Figure 1 and curves a of Figure 2), and to the tail of the mesomorphic
halo centered at q ≈ 11 nm−1 at high deformations (images d–e of Figure 1A, d of Figure 1B, curves
d–e of Figure 2A, and d of Figure 2B). In fact, as shown in Figure 3, the azimuthal intensity distribution
at q ≈ 10 nm−1 is uniform for the undeformed samples (curves a of Figure 3) and becomes polarized
on the equator with increasing the deformation (curves b–e of Figure 3A and b–d of Figure 3B).
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Figure 1. Stress strain curves (A’,B’) and bidimensional WAXS patterns of the sample iPP-5.9 (A) and
iPP-11.0 (B) at the indicated deformations. The critical values of deformation marking the beginning
(εstart), and the complete (εend) transformation of the initial γ form into mesophase are indicated by
the vertical bold lines in (A’,B’). The stretching direction is vertical. Arrows in b and c indicate the
polarization of the (008)γ reflection of γ form, off the equator (horizontal direction) and off the meridian
(vertical direction), defined in the image a of part A of the figure, occurring at low deformations, due to
orientation of the crystals of the γ form with chain axes nearly perpendicular to the stretching direction
(vide infra). The azimuthal angle χ is defined in the image a of part A.

Figure 2. Equatorial profiles extracted from the bidimensional WAXS images of Figure 1 for the samples
iPP-5.9 (A) and iPP-11.0 (B). The relevant reflections of α and γ forms are indicated.
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Figure 3. Azimuthal profiles of intensity centered in the q region around 10 nm−1, extracted from the
bidimensional WAXS images of Figure 1 for the samples iPP-5.9 (A) and iPP-11.0 (B).

The intensity at q ≈ 12 nm−1 relative to the (008)γ reflections of γ form (curves a of Figure 2),
instead, at low deformations is polarized on a layer line off the equator (horizontal direction) and off
the meridian (vertical direction), as indicated by the arrows in the images b, c of Figure 1, and only
when the transformation into the mesophase is complete, that is, at deformations higher than εend,
the intensity at q ≈ 12 nm−1 becomes polarized on the equator [19,20]. This indicates that part of the
crystals of the initial γ form tend to become oriented at low deformations with the chain axes nearly
perpendicular to the stretching direction, as shown in Figure 4, instead than parallel as in the standard
fiber morphology [16,38]. It is worth noting that for the perpendicular chain axis orientation of γ form,
the polarization of the (111)γ (at q ≈ 10 nm−1) reflection occurs on the equator [39].

 
Figure 4. Structural model of γ form (A), scheme of the perpendicular chain axis orientation of γ
crystals (B) and of mesomorphic domains of iPP (C), as they develop by effect of stretching, starting
from unoriented specimens.

4. Data Analysis and Discussion

The change of orientation of crystals by stretching is quantitatively analyzed using the azimuthal
intensity at q ≈ 10 nm−1 of Figure 3. A numerical descriptor O that plays the role of an orientation
order parameter is introduced from the calculation of the orientation function <P2> [40]. In general,
for uniaxially symmetric materials (such as fibers) the orientation function for a direction normal
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(pole) to any given {hkl} family of planes <P2(cosχ)> with respect to a preferred direction (fiber axis) is
defined as:

〈P2(cosχ)〉 = 1
2

(
3
〈

cos2 χ
〉
− 1

)
(1)

where <cosχ> is the average cosine of the angle χ that the poles make with the preferred direction and
denotes the second order Legendre polynomial of argument <cosχ>. The values of <cosχ>, in turn,
are calculated from the azimuthal intensity distribution of the hkl reflection as [40]:

〈
cos2 χ

〉
=

π/2∫
0

I(q) cos2 χ sinχdχ

π/2∫
0

I(q) sinχdχ

(2)

According to Equation (1), <P2> = 1 corresponds to an ideal case of perfect alignment of the poles
in the preferential direction, <P2> = 0 corresponds to isotropic case and <P2> = −0.5 corresponds to an
ideal case of perfect perpendicular orientation.

In our case, the order parameter is calculated considering the degree of polarization of the intensity
at q ≈ 10 nm−1 on the equator, with respect to the fiber axis. This would correspond to values of the
orientation function <P2>exp ranging from zero at zero deformation (completely isotropic case) to
values less than zero with increasing the deformation. The parameter O is calculated by comparing
the experimental values of <P2>exp at q ≈ 10 nm−1 with that of an ideal model characterized by an
extremely narrow equatorial polarization of intensity at this q (that is <P2>id = −0.5) as:

O =
〈P2〉exp

〈P2〉id
(3)

According to Equation (3), the values of O are positive and range from zero (fully isotropic case)
to 1 (fully oriented case).

Since the polarization intensity on the equator at q ≈ 10 nm−1 originates from the perpendicular
chain axis orientation of the residual γ form crystals at low and moderate deformations and from
the parallel chain axis orientation of the already transformed mesomorphic domains at moderate
and high deformations, the value of the parameter O represents a measure of the average degree of
orientation of the chain axes with respect to the fiber axis only at high deformations, that is, after
complete transformation of the original crystals of γ form into the mesophase, whereas at lower
deformation, the values of O represents a measure of the average degree of orientation of the residual
crystals of γ form in the perpendicular chain axis orientation, and of the transformed mesomorphic
domains in the parallel chain axis orientation. The so obtained values of the parameter O derived for
the iPP samples are reported in Figure 5A.

179



Polymers 2018, 10, 162

Figure 5. Orientation parameter O (A) and total WAXS scattered intensity (invariant) normalized for
the integrated intensity of the unoriented sample Γ(ε) (B) as a function of strain, for the samples iPP-5.9
( , ) and iPP-11.0 ( , ). The parameter O is calculated from the azimuthal intensity distribution at
q ≈ 10 nm−1 in the bi-dimensional WAXS images of Figure 1, corresponding to the reflection (111)γ
of γ form at low deformations, to the tail of the mesomorphic halo centered at q ≈ 11 nm−1 at high
deformations. It represents a measure of the average degree of orientation of the chain axes with respect
to the fiber axis at high deformations (>εend), and to the average degree of orientation of the residual
crystals of γ form in the perpendicular chain axis orientation, and of the transformed mesomorphic
domains in the parallel chain axis orientation at deformations lower than εend. In (B), the curves a’
and b’ (open symbols) are obtained by multiplying the curves a and b (full symbols) by the factor
t0/t = (l/l0)1/2 to account for the thickness contraction (see Experimental section).

The evolution of orientational order O with deformation (Figure 5A) of the two samples follows
a common trend involving different steps. For deformations ε lower than 100%, a steep increment of
the orientational order occurs, due to orientation of the crystals in the γ form with chains axes
perpendicular to stretching direction. In the deformation range between 100 and ≈150–200%,
the values of O reach a quasi-plateau of 0.30–0.4. This indicates that at low deformations, changes in
azimuthal intensity distribution of (111)γ reflections of γ forms essentially probe small reorientation
of the lamellar crystals along the pathway toward the fibrillary morphology, due to lamellar
rotations [26,27,40]. The leading deformation mechanisms in the first plateau region, instead,
correspond to interlamellar shear, that is slip of the crystalline lamellae parallel to each other, and/or
interlamellar separation [26–28,41,42]. At this stage, no phase transitions occur and all movements
are assisted by the shear deformation of the compliant interlamellar amorphous phase. Successively,
starting from deformations close to the critical strain at which transformation into mesophase starts
(εstart ≈ 200%, Figures 1 and 4), the orientational order O increases again up to reach a final plateau
value of ≈0.8 at high deformations (Figure 5A). This indicates that after lamellar breaking, further
deformation induces collective shear process, up to reach destruction of the preexisting crystals
(mechanical melting) and successive recrystallization with formation of fibrils including mesomorphic
aggregates [24,25].

A further quantitative descriptor of the changes at WAXS length scale is obtained using the
ratio Γ(ε) = Q(ε)/Q(0) between the total WAXS intensity Q(ε) at deformation ε and the total scattered
intensity Q(0) at ε = 0. For samples exhibiting uniaxial symmetry (fibers), the total scattered intensity
in the WAXS region Q(ε) can be calculated from the WAXS intensity collected on a bidimensional
detector (Figure 1) by integrating all over the sampled reciprocal space, that is between qmin = 3 nm−1

and qmax = 22 nm−1, using Equation (4):

Q(ε) =
1
π

∫ qmax

qmin

q2
(∫ π

0
Iε(q,χ) sinχdχ

)
− Bk(q)dq (4)

In Equation (4), it is implicitly assumed a uniform distribution of intensity along circles of radius q
sinχ because of the cylindrical symmetry of the fibers. Moreover, the intensity, at any q, was subtracted
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for the background contribution (Bk(q)) estimated from the equation of the straight line subtending the
radially averaged profiles extracted from the bi-dimensional diffraction images. The ratio of the total
scattered intensity and the integrated intensity of the unoriented sample gives the normalized value of
the total scattered intensity:

Γ(ε) =
Q(ε)

Q(ε = 0)
(5)

Equation (4) corresponds to a reduced scattering invariant [43]. The values of the parameter Γ(ε)
are reported in Figure 5B as a function of deformation before (curves a, b) and after (curves a’, b’)
correction for the thickness contraction.

Also in this case, we observe that the change of the parameter Γ(ε) with deformation follows
a common trend for the two samples (Figure 5B). In particular, before correction for the thickness
contraction, Γ(ε) decreases with increasing deformation up to ε ≈ 200%, then increases for further
increment of deformation, up to reach a quasi-plateau at values close to 1.3–1.4 (curves a, b of
Figure 5B). The decrease in Γ(ε) values of Figure 5B at deformations lower than 200% can be attributed
to a decrease in the sample thickness. In fact, after correction for this effect only an increase of Γ(ε) with
the deformation is observed (curves a’, b’ of Figure 5B). In particular, we use a correction factor equal
to t0/t to account for the thickness contraction, by setting t0/t = (l/l0)ν with ν = 0.5 (see Section 2).
Therefore, curves a, b and a’, b’ of Figure 5B illustrate the change of the parameter Γ(ε) with increasing
the deformation, in the limiting cases of no thickness contraction (Poisson’s ratio = 0, curves a, b) and
in the rubbery limit of thickness contraction, corresponding to Poisson’s ratio ν = 0.5 (curves a’, b’).
The invariant is expected to change with deformation according to a behavior in between these two
limiting cases.

After correction for the thickness contraction, the values of the WAXS reduced scattering invariant
experience a remarkable increase with increasing the deformation, reaching values up to ≈4 times
higher than those of the undeformed state. The remarkable increase of invariant with increasing
deformation holds also after taking into account the absorption, since the correction of the scattered
intensity for the transmission factor would decrease the values of the parameter Γ(ε) at most by a factor
of 1.1.

The increase of the total scattering intensity in the WAXS region by a factor 1.3–1.4 in the
hypothesis of no thickness contraction, and a factor ≈4 in the hypothesis of thickness contraction
according to the rubbery limit is unexpected. In fact, for a multi-phases system (in our case three
phases, γ form, mesophase and amorphous component), the measured WAXS intensity Iε(q,χ) can be
written as a linear combination of the scattering intensities from each phase:

Iε(q,χ) =
3

∑
i=1

xi(ε)Iεi(q,χ) (6)

where Iεi(q,χ) are the scattering intensities of the γ form (phase i = 1), mesophase (phase i = 2) and
amorphous component (phase i = 3) and xi(ε) are the corresponding mass fractions. Therefore, also the
total WAXS reduced invariant Q(ε) (Equation (4)) is a linear combination of the contribution from
components Qi(ε).

Q(ε) =
3

∑
i=1

Qi(ε) (7)

Each term of the invariant Qi(ε), in turn, is proportional to the following quantities [44,45]:

Qi(ε) = ρ2
iεNiεViε (8)

where ρi and Niε, are the electron density and the number of domains of phase i with average volume of
coherence equal to Viε,. The Niε domains contribute additively to the scattering, whereas the coherent
(elastic) scattering occurs only within each domain. The density of γ form, mesophase and amorphous
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phase in isotactic polypropylene are 0.939, 0.91 and 0.854 g/cm3 [46] and the corresponding values of
electron density are 323, 313 and 294 electrons/nm3 respectively. Based on previous analyses [16–18],
the total degree of crystallinity, due to the γ form and mesophase contributions, apparently, does not
greatly change during deformation (x1(ε) + x2(ε) ≈ 0.50, see Table 1). Therefore, in the hypothesis
that also the total volume of the coherently scattering crystalline domains does not change by effect of
deformation (N1ε V1ε, + N2ε V2ε, = cost.), the scattering invariant is expected to remain constant or to
slightly decrease with increasing the deformation, since the γ form transforms into the mesophase
with slightly lower electron density.

The tendency of the scattering invariant to increase at deformations lower than εstart marking the
beginning of transformation of the initial γ form into mesophase, may be due to local “densification”
of the amorphous intralamellar phase by effect of stretching, since the intralamellar amorphous phase
experiences compressive forces in the direction parallel or perpendicular to the layers, depending on
the orientation, perpendicular or parallel to the stretching direction, respectively, of the lamellar stacks
in which the amorphous layers are embedded [2,20]. At deformations higher than εstart, marking also
the beginning of lamellar destruction, we hypothesize that the increase of invariant may be due to
a slight increase of the size of coherent domains located in the mesomorphic aggregates, leading to
a remarkable increase of their average volumes V2ε, even though the total number of these domains
N2ε does not necessarily change. This increase may involve the incorporation of isolated chains,
or groups of 2–3 chains located at the boundaries of adjacent domains, into close neighboring larger
domains through small movements and/or rotations facilitated by deformation, as shown in the model
of Figure 6.

 

Figure 6. Model of coalescence of mesomorphic domains separated at the boundaries by isolated groups
of 1–2 chains (sub-domains a–d) in a completely different arrangement (A) with formation of larger
mesomorphic domains (B). By effect of stretching, the sub-domains a–d coalesce with close-neighbors
mesomorphic domains.

Moreover, considering that the mesophase originates from the breaking of crystals of γ form
through a process of mechanical melting and re-crystallization, and that the lamellar crystals of γ
form are not characterized by chain folding because of the non-parallel arrangement of the chains
(Figure 4A) [47], the size of the coherent domains in a mesomorphic aggregate may easily increase by
effect of stretching also in the direction parallel to the chain axes, through incorporation of monomeric
units located at the boundaries with the amorphous phase. We calculate that, on average, an increase
of the coherent length by a factor of 1.1–1.6 along the three orthogonal directions x, y and z of a domain,
leads to an increase of volume by a factor 1.13–1.63 ≈ 1.3–4. As shown in the model of Figure 6,
the increase of the coherent length of the mesomorphic domains by incorporation (coalescence) of the
isolated sub-domains a-d within the mesomorphic domains, does not necessarily lead to a decrease
of the number of domains N2ε. As a consequence, the total scattering intensity increases by effect
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of deformation, because the product (N2εV2ε) increases due to coalescence phenomena of the kind
depicted in Figure 6.

On the other hand, the fact that the crystallinity index measured from the radially averaged
WAXS profiles as the ratio between the area of the crystalline phase (Ac) and the total area of the
diffraction profile (Atot) does not apparently change (see Figure 7A), is due to the fact that Ac is often
overestimated in this procedure, as it is obtained by the difference of Atot and the diffraction area
from the amorphous component (approximated in Figure 7A by the diffraction profile of an atactic
polypropylene, curve b). In other terms, the crystallinity calculated from the radially averaged WAXS
curves according to the procedure of Figure 7A, includes not only the Bragg contribution, but also
diffuse scattering located in the diffraction region between the amorphous halo and the Bragg peaks
(Figure 7A). Instead, in the experimental value of the scattering invariant, the diffuse scattering terms
makes a contribution, which is at least one order of magnitude lower than the Bragg component.
Diffuse scattering arises from the presence of disorder and its contribution to the scattering intensity
is proportional to the fluctuations of the structure factor f (per monomeric unit), given by the term
<f 2> − <f >2, which represent the difference between the average square (<f 2>) and the square of
average (<f >2) of f [48]. Therefore, the higher the local structure factor deviates from the average
value <f > because of the presence of disorder, the higher the fluctuations, and the higher the diffuse
scattering. By effect of coalescence of the small sub-domains into the large domains, the diffuse
scattering decreases and the interference term (Bragg-like contribution) increases. The WAXS invariant
increases, because the diffuse scattering term is always lower than the Bragg term.

 

Figure 7. (A) Radially averaged WAXS profile of the undeformed sample iPP-5.9, extracted from the
bidimensional WAXS image a of Figure 1A (a) and underlying amorphous contribution, approximated
by the diffraction profile of an atactic polypropylene (b). (B) Equatorial profiles extracted from
the bidimensional WAXS images of Figure 1B, of the sample iPP-11.0 stretched at 574 and 900%
deformations. The diffraction curves are subtracted for the background contribution, approximated as
a straight line subtending the whole profiles.

In order to probe the effective increase of the size of the mesomorphic domains by effect of
stretching, we compare in Figure 7B the equatorial profiles of the sample iPP-11.0 stretched at 574
and 900% deformations. The curves are not corrected for the thickness contraction, but only for the
transmission factor. Yet, it is evident that at 900% deformation the equatorial peak of the mesophase
becomes narrower than that at 574% deformation, confirming the increase of the lateral size of the
mesomorphic domains. It is worth noting that the maximum is shifted toward slightly higher q values
at 900% deformation, indicating that the average correlation distance between the chain axes within the
mesomorphic domains decreases, producing increase of electron density. Therefore, the increase of the
scattering invariant is not only due to coarsening, but also to increase of electron density (densification).
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5. Conclusions

The structural transformations occurring by effect of stretching in stereo-irregular isotactic
polypropylene samples are studied in situ during deformation by collecting WAXS patterns.
The metallocene-made iPP samples selected in this study show high ductility, allowing achieving high
deformations before breaking.

WAXS analysis reveals that the crystals of γ form tend to assume a nearly perpendicular chain
axis orientation instead than parallel to the stretching direction at low deformations. At ≈200%
deformation (εstart) the γ form starts transforming into the mesomorphic form of iPP, and at 400–500%
deformation (εend), the transformation is almost complete. The stress induced phase transition of
the γ form into the mesophase occurs after the beginning of lamellar fragmentation, concomitant
with destruction of the crystalline blocks (mechanical melting) and re-crystallization in fibrillary
entities containing mesomorphic aggregates. At the end of transformation into mesophase, a fibrillary
morphology develops with a high degree of orientational order of the chain axes parallel to the
stretching direction. We show that the chains extracted from the original crystals re-crystallize
forming aggregates of mesomorphic domains responsible for the coherent elastic scattering (Bragg-like
contribution) which include at the boundaries isolated chains or groups of 2–3 chains, which contribute
to diffuse scattering. The coalescence process of these chains with the larger mesomorphic domains,
increases the volume of coherence of the mesomorphic domains. Since the number of coherent
domains does not decrease, the WAXS scattering invariant increases by effect of coalescence during
deformation, even if the sampled q region is narrow. Coalescence starts concomitant with the process
of lamellar destruction, and beginning of transformation of the initial γ form into the mesophase and,
after complete transformation into the mesomorphic form, continues facilitated by the mechanical
stress field.
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Abstract: The blending of aliphatic polyolefins and aromatic poly(ethylene terephthalate) (PET) based
on different intrinsic viscosities (IV) was conducted in a torque rheometer. The comparison of blend
components in terms of low density polythene (LDPE) and polypropylene (PP) in blending with PET
was investigated, and the effects of the IV and proportion of PET on polymer blends are discussed
in detail. Polymer blends with or without compatibilizer were examined by using a differential
scanning calorimeter, thermogravimetric analyzer, rotary rheometer, field-emission scanning electron
microscopy and a universal testing machine. It was found that the blending led to an increase in
processability and a decrease in thermal stability for blends. The morphological analysis revealed
that the incompatibility of blends was aggravated by a higher IV of PET, while this situation could be
improved by the addition of compatibilizer. Results showed that there was an opposite effect for the
tensile strength and the elongation at break of the polymer blend in the presence of a compatibilizer,
wherein the influence of IV of PET was complicated.

Keywords: polymer blend; poly(ethylene terephthalate); intrinsic viscosity; polyolefin; compatibilizer

1. Introduction

Polythene (PE) and polypropylene (PP), as representatives of aliphatic polyolefins, and
poly(ethylene terephthalate) (PET), as a representative of aromatic polymers, are the three most
common commercialized synthetic polymers, owing to their excellent overall performance and
affordable price. The yield of the three polymers in China reached more than 14, 20, 40 million
tons in 2016, respectively. PET can be categorized into three types with different intrinsic viscosities
(IV) or molecular weights according to the application field: fiber grade, bottle grade and industrial
yarn, whose IV are about 0.65 dL/g, 0.85 dL/g and 1.0 dL/g and whose corresponding aims are to
be applied in the field of textiles, containers bottles and belts, respectively [1]. Occasionally, these
three polymers can be used simultaneously in one product, for example, in beverage bottles. It also
can be seen that recycled PET from different sources is basically a mixture of PETs with different
properties [2].

The blending of polyolefins and PET can be an alternative to improve cost-effectiveness for
industrial applications [3]. However, the thermodynamically immiscible nature of blend roots
with large differences in their polarities, which leads to insufficient interfacial adhesion between
blend components, result in poor mechanical properties [4–6]. Therefore, the polyolefin/PET
compatibilization has already attracted a great deal of attention in the past decades.
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Generally, the compatibilization of two immiscible polymers can be achieved by implementing a
suitable grafting modification of polyolefin chains with reactive groups. The modification is achieved
by chemical reactions between polar functional groups and polymer chains in melting blending [7].
By enhancing the interactions between grafted functional groups of polyolefin and PET end groups,
the phase dispersion and adhesion at the interface can be improved [8]. For example, the functional
groups like maleic anhydride (MAH) or glycidyl methacrylate (GMA) can be easily grafted onto
polyolefins, and advantageously react with the carboxyl and hydroxyl end groups of PET. This method
presents an excellent compatibilization effect with respect to chemical interactions between polyolefin
and PET [9,10]. However, the conversion of functional groups grafted onto polyolefins is usually
insufficient even though some residual active ingredients get involved in crosslinking reactions [11].
More importantly, it is not difficult to imagine that this route goes against the large-scale application
due to its high cost. From this perspective, the grafted functional groups of polyolefins can be used as
compatibilizers, with a small amount added into the PET/polyolefin blend during extrusion processes,
then the desirable compatibilization effect can be obtained. The compatibilizer is concentrated at
the interface of two phases in the blending system, and the co-crystallization/molecular chains’
entanglement between the polymer component of the compatibilizer and polymer matrix would be
generated to facilitate the interfacial adhesion between two immiscible polymers. Consequently, two
immiscible blending components are effectively compatible by forming a dispersed structure in one
unity [12–14].

In the previous literature, GMA, MAH, acrylic acid (AA), ethylene-vinyl acetate copolymer (EVA),
and maleimide (MI) are the common functional groups that can be either grafted onto polyolefins or
copolymerized into compatibilizer. Recently, Jazani et al. [15] improved the mechanical properties of
bottle grade PET by grafting GMA onto PP with the aid of styrene (St) comonomer, and found that
the increase of impact strength was attributed to the enhanced interaction between epoxy groups of
GMA and carboxyl end groups of PET, as well as the hydrogen bonds formed between PP-g-GMA and
PET. In yet another approach, a compatibilizer composed of styrene–ethylene–butylene–styrene (SEBS)
grafted with MAH was used as the compatibilizer in the blending of PP and PET spun fibers [16].
Results showed that the compatibilizer significantly affected the elongation at break of the blend,
while no relevant effect could be observed in the anisotropically-oriented fibers. Using PP-g-AA as a
compatibilizer, a good interaction between the PP and PET surfaces was achieved as PET islands was
deformed in micro-fibers after hot stretching [17].

In most published works, PP is the dominant continuous phase in the blend system of
polyolefins/PET. There is little research focusing on PE/PET blends, let alone on the compatibilizer, by
grafting the functional groups onto PE. Lei et al. [18] studied the compatibility between PET and HDPE
using PE-g-MAH, SEBS-g-MAH and E–GMA, respectively. It was found that the compatibilizing
effectiveness of E–GMA was the best. Raffa et al. [19] indicated the chemical reactions among polymer
and additives had a significant effect on the ultimate melt rheology and mechanical properties of
recycled PET/polyolefin blends.

In most cases, a variety of nanomaterials as a third component are added into two immiscible
polymers to improve the compatibilizing effect [20]. As a matter of fact, the functional groups grafted
onto polyolefins have been commercialized and applied gradually, such as PP-g-MAH and PE-g-MAH,
which offer the best convenience for designing polymer blend systems.

Based on the successful surface functionalization of polypropylene/polystyrene and their
application in polymer blends, as described in our previous work [7,21–24], the motivation has
turned to developing possible industrialization polymer blends by exploring the relationships between
the structure and properties in the processable polymers. Consequently, this work concentrates
on the comparative investigation of the blending of PP and LDPE with different IV of PET using
commercialized polyolefin-g-MAH as a compatibilizer. A systematic performance investigation of the
polymer blends with or without compatibilizer was performed to elucidate the processable correlation
between several major polymer commodities.
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2. Materials and Methods

2.1. Materials

Three poly(ethylene terephthalate) (PET) chips with different intrinsic viscosities (IV) of 0.7 dL/g,
0.85 dL/g and 1.0 dL/g, were purchased from Zhejiang Guxiandao Polyester Dope Dyed Yarn Co., Ltd.
(Shaoxing, China). The moisture and carboxyl end group content of the PET chips are also listed as
Table 1. LDPE (F401) and PP (DNDB7441) were purchased from Sinopec Yangzi Petrochemical Co., Ltd.
(Nanjing, China), LDPE-g-MAH and PP-g-MAH were purchased from Fine-blend Compatibilizer
Jiangsu Co., Ltd. (Nantong, China).

Table 1. The properties of the PET chips.

PET [η] (dL/g) [COOH] (mol/t) H2O (wt %)

PET1 0.70 22 0.35
PET2 0.85 18 0.26
PET3 1.00 15 0.10

In order to decrease the hydrolytic decomposition, the PET chips were dried at 130 ◦C for 9 h in a
vacuum oven before being blended into either LDPE or PP. The polymer blends were processed in a
RM-200C torque rheometer (Hapro, Haerbin, China). The processing temperatures were set to 260 ◦C
for all blends in the rheometer, and the processing time was set to 5~10 min and the rotor speed was
set to 50 r/min. The total weight of polymer blend was no more than 50 g. The weight ratio of the
components in the blending are listed in Table 2. The compatibilizer usually accounts for five percent
of the total weight of the two polymers (5 wt %). The blank control experiments were also carried out
in the absence of compatibilizer.

Table 2. The weight ratio of the components in the polymer blends.

No. PET1 PET2 PET3 PP PP-g-MAH LDPE LDPE-g-MAH

1 20 80
2 20 80
3 20 80
4 30 70
5 30 70
6 30 70
7 20 80 5
8 20 80 5
9 20 80 5
10 30 70 5
11 30 70 5
12 30 70 5
13 20 80
14 20 80
15 20 80
16 30 70
17 30 70
18 30 70
19 20 80 5
20 20 80 5
21 20 80 5
22 30 70 5
23 30 70 5
24 30 70 5
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2.2. Measurements

The thermal behavior of the blends was investigated using differential scanning calorimeter (DSC1,
Mettler Toledo, Schwerzenbach, Switzerland) and thermogravimetric analyzer (TGA, Mettler Toledo,
Schwerzenbach, Switzerland) under nitrogen atmosphere. The drying samples were initially heated
from 25 to 300 ◦C at a rate of 50 ◦C/min. After that, the samples were kept at the final temperature for
3 min to eliminate the thermal history, and then cooled to 50 ◦C at a rate of 20 ◦C/min to determine
the crystallization temperature (Tc) and before being kept for 3 min. Finally, the samples were heated
to 300 ◦C at a rate of 10 ◦C/min to determine the melt point (Tm). About 5 mg of the samples was
heated from 25 to 600 ◦C at a rate of 10 ◦C/min with a nitrogen flow rate of 45 mL/min to determine
the decomposition temperature (thermal gravimetric rate 5%, T5%).

The rheological properties of the polymer blends as functions of angular frequency were
investigated via plate-plate geometry (plate radius = 25 mm; gap = 1 mm) using a stress-controlled
rheometer (MCR 301, Anton Paar, Graz, Austria) at 260 ◦C. The measurements of the granules and
sheet samples were performed in air atmospheres. The loaded frequency sweep was undirectional
from the angular frequency of ω = 500 1/s to 0.1 1/s.

The banded samples of polymers were prepared from a blending system so that the morphological
characteristics of the polymer blends could be examined using an ULTRATM 55 field-emission
scanning electron microscopy (SEM Ultra 55, Zeiss, Jena, Germany) at an acceleration voltage of 1 kV.
The samples were cooled in liquid nitrogen for 15 min and then taken out quickly to be brittle fractured.
The fracture surface of PET was etched by using the mixed solution of phenol and tetrachloroethane
(1/1 (wt %)), then the fracture surface was gilded because of the poor electrical conductivity.

To test the mechanical property of the polymer blends, the round rod samples with diameter of
1.5 mm were stretched on a universal testing machine (Instron 3367, Instron, Canton, USA) at speed of
10 mm/min. Generally, the effective stretch length was about 2 mm, and then the tensile strength and
elongation at break could be achieved.

3. Results and Discussion

3.1. Thermal Properties

Figure 1 shows differential scanning calorimeter (DSC) scans of polymers and polyolefin/PET
blends. The crystallization could be observed in the cooling scan and the melting process was recorded
in the subsequent heating scans. The evident cold crystallization peaks (Tc1) of the polymer blends,
observed in Figure 1a, was between polyolefins and PET, while the second cold crystallization peaks
(Tc2) was almost invisible in most cases. In contrast, there were two melting peaks in the heating DSC
scans, which indicated the melting point of the polyolefin component (Tm1) and PET component (Tm2).
Noticeably, the Tc1, Tm1 and Tm2 for all polyolefin/PET blends were listed in Table 3. It also could be
seen that blending caused a gradual increase in the crystallization temperature (Tc1) from LDPE to
LDPE/PET1, to LDPE/LDPET-g-MAH/PET, however, the Tc1 of compatibilized PP/PET1 blends was
lower than that of incompatible PP/PET1 blends. This might be ascribed to the plasticizing effect of
compatibilizer on the PP/PET blend and the facilitation of crystallization [25]. On the other hand, it is
well known that the regularity of the LDPE chain is better than PP, which increases the crystallization
temperature of blending system.

Generally, the Tc1 of incompatible LDPE/PET (Figure 1b) increased slightly, yet the Tm1 and Tm2

presented a gradual decline either with the increase of the content of PET or with the increase of the IV
of the PET, but there was less significant difference among PP/PET blends. When the compatibilizer
was added to two immiscible polymers (Figure 1c), the Tc1 of LDPE/PET blends presented a minor
depression, whereas the changing trends for the PP/PET blends is just opposite. It is worth stressing
that the difference in the Tc1, Tm1 and Tm2 of the polymer blends was quite inconspicuous, and that
the thermal behaviors need further verification. This is perhaps explained by the fact that both the
content and property of PET have no significant influence on the cold crystallization performance of
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polyolefins/PET. These allow us to conduct a good deal of the blending of polyolefin with PET from
different sources.

 

Figure 1. Cooling (solid line) and heating (short dot line) DSC scans of polymers and polymer
blends, (a) polymers and blends; (b) incompatible polyolefin/PET blends; (c) compatibilized
polyolefin/PET blends.

Table 3. The crystallization temperature and melting point of polymer blends.

Samples Tc1 (◦C) Tm1 (◦C) Tm2 (◦C)

LDPE 91.09 110.12 —
PP 102.51 165.33 —

PET1 167.69 — 254.33
LDPE/PET1-80/20 91.85 110.68 255.67
LDPE/PET2-80/20 92.96 110.58 254.81
LDPE/PET3-80/20 93.43 110.23 253.32
LDPE/PET1-70/30 92.49 110.77 2557.5
LDPE/PET2-70/30 93.44 109.68 254.34
LDPE/PET3-70/30 94.44 109.86 252.88

PP/PET1-80/20 119.61 163.31 255.28
PP/PET2-80/20 119.14 162.96 255.25
PP/PET3-80/20 119.21 163.33 254.87
PP/PET1-70/30 119.13 163.70 255.75
PP/PET2-70/30 118.67 162.96 254.83
PP/PET3-70/30 118.65 164.42 254.81

LDPE/PET1-80/20/5 93.61 110.63 255.18
LDPE/PET2-80/20/5 91.39 111.66 255.96
LDPE/PET3-80/20/5 92.13 111.13 253.88
LDPE/PET1-70/30/5 91.78 111.40 256.22
LDPE/PET2-70/30/5 92.32 111.63 254.93
LDPE/PET3-70/30/5 91.23 111.66 254.66

PP/PET1-80/20/5 114.91 162.62 255.96
PP/PET2-80/20/5 115.61 162.86 254.93
PP/PET3-80/20/5 115.07 163.39 254.66
PP/PET1-70/30/5 114.36 162.09 255.44
PP/PET2-70/30/5 115.45 162.87 255.71
PP/PET3-70/30/5 116.00 162.09 253.88

The comparison of thermogravimetric (TG) and derivative thermogravimetric (DTG) scans
of polymer with polymer blends is reported in Figure 2. PET presented decomposition at lower
temperatures than LDPE and PP, as a result of the relatively poor stability of the ester group in PET
chains. A small difference in the decomposition rate could be seen between PP and its blends based
on the TG and DTG curves. Nevertheless, it was clear that the LDPE/PET blend showed worse
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thermal stability than that of LDPE and that the compatibilizers promote the thermal stability of
two immiscible polymers. This was mainly attributed to the improvement of compatibility with the
addition of grafting maleic anhydride; the interface adhesion was enhanced by the chemical reactions
between the grafted functional groups of polyolefin and PET end groups [26].

Figure 2. Comparison of TG (a) and DTG (b) curves of polymers and polymer blends.

Figures 3 and 4 show the effect of the content and IV of PET on the thermal stability of incompatible
and compatibilized polyolefin/PET blends, respectively. The DTG curves of polymer blends presented
asymmetric peaks, which indicated the whole decomposition of the different components. Accordingly,
the decomposition temperature at thermal gravimetric rate of 5% (T5%) and the corresponding
temperature of the maximum decomposition rate (Tcmax) of all polymer blends are also listed in Table 4.
Regarding LDPE/PET blends without a compatibilizer (Figure 3), the decomposition temperature
was slightly increased with the increase in the IV of PET, which was validated by the temperature
of maximum decomposition rate as shown in the DTG graphs and Table 4, but the difference was
unremarkable under the conditions of more PET content in the blends. On the contrary, it almost stayed
at a constant thermal gravimetric rate for PP/PET blends in a ratio of 80 to 20 as the IV of PET increased,
while it was a little better later with more PET content in the blends. When the compatibilizer was
added to the blends (Figure 4), the thermal stability was slightly increased. As already mentioned, the
interface could be enhanced. It was also noticed that both the maximum decomposition rate and the
corresponding temperature of the compatibilized polyolefin/PET blends at a ratio of 70 to 30 were
lower than that of 80/20 PP/PET blends in view of the poorer thermal stability of PET. Furthermore,
the polymer blends with a higher IV of PET generally suggested better thermal stability and higher
value of T5% and Tcmax. These results are easy to understand if it is remembered that PET with a higher
IV has a longer polymer chain.

Table 4. The decomposition temperature (T5%) and the corresponding temperature of the maximum
decomposition rate (Tcmax) of polymer blends.

Blend
0/100 80/20 70/30 80/20/5 70/30/5 100/0

T5%

(◦C)
Tcmax
(◦C)

T5%

(◦C)
Tcmax
(◦C)

T5%

(◦C)
Tcmax
(◦C)

T5%

(◦C)
Tcmax
(◦C)

T5%

(◦C)
Tcmax
(◦C)

T5%

(◦C)
Tcmax
(◦C)

LDPE/PET1 410.8 444.3 419.7 473.4 420.5 478.7 419.6 482.8 419.4 481.7 437.5 477.7
LDPE/PET2 407.5 445.7 421.3 475.9 416.3 476.0 423.2 481.7 420.3 480.9 - -
LDPE/PET3 407.2 447.7 422.5 480.3 416.4 475.8 423.6 480.8 419.5 479.2 - -

PP/PET1 410.8 444.3 419.5 463.5 420.3 463.3 416.3 465.9 419.7 465.7 420.8 461.3
PP/PET2 407.5 445.7 417.1 463.4 414.3 461.4 421.1 463.3 411.5 465.0 - -
PP/PET3 407.2 447.7 420.7 463.2 412.1 460.5 417.5 462.9 409.9 461.8 - -
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Figure 3. TG (a) and DTG (b) curves of incompatible polymer blends.

Figure 4. TG (a) and DTG (b) curves of compatibilized polymer blends.

3.2. Analysis of Rheological Behavior

Figure 5 shows the complex viscosity as a function of frequency at 260 ◦C for polymers and
polymer blends. The rheological curves of polymer blends showed similar trends with the neat
constituents of polymers. Considering that the Tm of PET was approximately equal to 260 ◦C, all
the rheological measurements of polymers and polymer blends were conducted in air without inert
gas protection, which was consistent with the blending process. Three kinds of PET displayed a
pseudo-Newtonian behavior for the whole frequency range. The complex viscosity significantly
increased with the IV of PET due to the longer polymer chain [1]. Both the polyolefins and polymer
blends presented remarkable pseudoplastic behavior, and LDPE and its blends revealed a stronger
shear thinning effect than PP and its blends because of the better chain mobility.

Compared with LDPE, the incompatible LDPE/PET blend showed a higher viscosity at low
frequency and a lower viscosity at high frequency. However, the complex viscosity of compatibilized
LDPE/PET blend was always lower than that of LDPE except at an extremely low frequency, and also
lower than that of incompatible LDPE/PET blend within the whole frequency range. However, once
the compatibilizer was formally incorporated into the system, the viscosity of the system decreased,
which was due to the role of the compatibilizer in reducing the dispersity and inducing interaction
at the interface between blend components, eventually increasing the mobility of the compatibilized
system [27,28]. PP showed the lowest viscosity at low frequency, and the compatibilized PP/PET
blend presented intermediate behavior between the incompatible blend and pure PP. As mentioned
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above, the carbonyl group in PET could interact with the pendant group in the PP chain so that the
blending system gets less viscous, whereas the compatibilizer played a role of softening agent [29].

Figure 6 shows the complex viscosity of incompatible polymer blends. It can be seen that the
viscosity of both the LDPE/PET and PP/PET blends present a slight increase as the IV of PET increases.
This is probably due to the fact that the higher IV of PET has a longer polymer chain so that the PET
itself possesses a higher viscosity. However, the blends with a higher content of PET did not exhibit a
higher viscosity but displayed a slight decline. This suggested that the PET dispersed in polyolefins
had some lubrication effect in a way due to the presence of flexible chain segments in PET.

 

Figure 5. Complex viscosity for polymers and polymer blends.

Figure 6. Complex viscosity for polymer blends with different IV of PET without compatibilizer.

Figure 7 shows the complex viscosity for polymer blends with different IV of PET in the presence
of compatibilizer. It was in good agreement with the viscosity sequence of incompatible polymer blends
with different IV of PET. Moreover, it was noticed that the viscosity of blends with a higher content
of PET was significant increased. Several studies have shown evident results that polyolefin/PET
blends are completely immiscible. By adding compatibilizer into the blending system, the interaction
between the compatibilizer and blend components led to a reduction of interfacial tension and the
suppression of coalescence [3,30–32]. Hence, it could be inferred that with the increase of PET content,
the compatibilizer provided increasingly favorable support for an enhanced interaction between
blend components.
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Figure 7. Complex viscosity for polymer blends with different IV of PET in the presence
of compatibilizer.

3.3. Morphological Characterization of Polymer Blends

Figure 8 shows the morphology of incompatible and compatibilized polyolefin/PET1 polymer
blends. It can be seen that the blending of two immiscible components results in an entirely clear phase
interface. The cross profile of LDPE/PET was a brittle fracture and PET dispersed unevenly in LDPE
phase in the form of particles. In yet another way, the large size of the circular hole indicated that the
PET-dispersing phase appeared in the PP continuous phase, resulting in a typical sea-island structure.
Figure 8 also shows the scanning electron microscopy (SEM) micrography of different amounts of
PET with or without compatibilizer. With the increase of PET content, the holes of the LDPE/PET
and PP/PET blends were increased in quantity, size and dispersion uniformity. The blends with a
higher content of PET were more likely to be assembled in the blending process, resulting in the
enlargement of the dispersed phase size. Compared to incompatible polymer blends, it was observed
that compatibilized LDPE/PET blends had a better dispersity of holes appearing in the cross profile, the
fracture surface was no longer clear but presented a significant layered hippocampal structure, and the
circular hole in LDPE/PET blends with PP-g-MAH tended to be dispersed uniformly with diminishing
size. All these confirmed that the compatibilizer had indeed improved the compatibility between
polyolefins and PET. As mentioned above in the analysis of rheological behavior, the compatibilizer
enhanced the interaction between the blend components which decreased the interfacial tension and
suppressed the coalescence [3,30–32].

 

Figure 8. SEM micrographs of incompatible (a,b,e,f) and compatibilized (c,d,g,h) polymer blends.
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The effect of the addition of different IV of PET on the blending system with or without
compatibilizer was visualized by morphological characterization, as shown in Figures 9 and 10,
respectively. In Figure 9, the dispersed phase in PP/PET blends was getting more and more clear
with the increase in the IV of PET; by contrast, the phase separation of the two blend components
was attenuated gradually, so that a rough interface and more crack propagation could be seen in
PP/PET blends. This could be explained in that it was more difficult to diffuse into the polyolefin
phase for a longer polymer chain of PET, as a consequence, the thinner interface layer suggested poor
compatibility. With the addition of compatibilizer (Figure 10), the PET dispersed uniformly and the
interface coalescence was strengthened. Not surprisingly, in this situation, the effect of the IV of PET
on the dispersed phase size was weakened.

 

Figure 9. SEM micrographs of LDPE/PET (a–c) and PP/PET (d–f) blends with different IV of PET
without compatibilizer (80/20).

 

Figure 10. SEM micrographs of LDPE/PET (a–c) and PP/PET (d–f) blends with different IV of PET in
the presence of compatibilizer (80/20/5).
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3.4. Mechanical Properties of Polymers before and after Blending

Tables 5 and 6 show the elongation at break and the tensile strength of different polymer blends,
respectively. The pure PET exhibited a decrease of elongation at break and an increase of tensile
strength with the increase of IV. The polymer blends with a higher content of PET had a relatively
lower elongation at break. As an immiscible polyolefin/PET blend, the interphase adhesiveness of two
blending components was insufficient, which resulted in an evident interphase division, and therefore,
worse interphase adhesiveness existed in polymer blends with higher content of PET.

Without compatibilizer, the elongation at break of both LDPE/PET blends and PP/PET blends
declined with the increase of the IV of PET. Yet it increased remarkably after the compatibilizer was
added to polyolefin/PET blends, especially for the highest IV of PET3 in blends. With longer polymer
chains and higher steric effects, the PET with a higher enlarged interphase between the polyolefins and
the PET, showed a decrease of elongation at break. The compatibilized polymer blends were expected
to have a higher elongation at break because of the increased interphase adhesiveness and enhanced
interaction. In this case, PET3 with better mechanical properties had a positive effect on the elongation
at break of blends. This is different from the PE/PET blend with organoclay as a compatibilizer, as there
may be a possible degradation of the clay surfactant during melt compounding [33]. It was noted that
the elongation at break of the LDPE blending system was higher than that of the PP blending system,
which was consistent with the observation of the rheological behavior which found that LDPE/PET
blends had the benefit of higher viscosity. In addition, the elongation at break of the polyolefin/PET
blend increased with the increase of PET dispersed phase content, which was in good agreement with
the results of the research by Tavanaie et al. [34].

Table 5. The elongation at break of polymer blends.

Blend 0/100 (%) 80/20 (%) 70/30 (%) 80/20/5 (%) 70/30/5 (%) 100/0 (%)

LDPE/PET1 8.55 51.13 25.51 67.45 37.52 223.45
LDPE/PET2 8.45 44.67 23.50 78.25 41.47 -
LDPE/PET3 6.41 44.16 22.21 148.54 58.97 -

PP/PET1 8.55 15.1 11.7 38.5 30.5 428
PP/PET2 8.45 14.7 11.5 34.8 28.0 -
PP/PET3 6.41 13.7 10.2 31.3 24.3 -

Table 6. The tensile strength of polymer blends.

Blend 0/100 MPa 80/20 MPa 70/30 MPa 80/20/5 MPa 70/30/5 MPa 100/0 MPa

LDPE/PET1 26.0 16.71 23.52 14.32 18.25 12.31
LDPE/PET2 28.8 15.62 17.25 13.88 12.74 -
LDPE/PET3 37.5 14.45 17.01 12.90 12.24 -

PP/PET1 26.0 17.1 24.2 11.3 12.5 35.1
PP/PET2 28.8 20.6 25.0 11.9 12.41 -
PP/PET3 37.5 24.4 25.2 12.0 12.2 -

The variation of the tensile strength of polymer blends with PET content was largely different
from the elongation at break, in that it was somewhat confused. In such a situation, the polymer
blends were brittle fractured to subdue the tenacity of the materials. With the increase of the IV of
PET, the tensile strength of the LDPE/PET blends was decreased, while it was gradually increased
for PP/PET blends. According to the SEM micrographs, the interphase adhesiveness of incompatible
LDPE/PET blends was relatively weaker than that of PP/PET blends. However, with the addition of
compatibilizer, LDPE/PET blends showed better tensile properties since the shorter chain segment of
LDPE-g-MAH was more likely to diffuse successfully into two blend components. It was also noticed
that the tensile strength of all polymer blends generally declined, and the difference of tensile strength
caused by either changing the IV of PET or changing the PET content also decreased. Therefore, it can
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be stated that the compatibilizer played a role in increasing interphase adhesiveness to prevent brittle
fracture, thus increasing the mechanical properties of polymer blends.

4. Conclusions

The blending of LDPE and PP with different intrinsic viscosities (IV) of PET was performed in
the absence or presence of compatibilizer. The impact of the blending components on the thermal,
rheological, morphological and mechanical properties was discussed in detail, and the following
conclusions were drawn from the discussion:

(1) The blending leads to a higher crystallization temperature of the polyolefin component, yet
the melting peak both of the polyolefin component and of the PET component in the blends are
little different from their pure polymer. While the thermal stability of polymer blends is generally
better than PET but worse than LDPE, and blending of PP with PET had no significant effect on the
thermal stability of PP. The thermal performance of polyolefin/PET was slightly decreased by either
the increase of the IV of PET or the decrease of PET content. It was found that the compatibilizer can
improve the thermal stability of the blending system by enhancing the interface adhesion.

(2) The complex viscosity of incompatible polymer blends is slightly higher than that of
compatibilized blends. The results show that it is increased with the increase of the IV of PET,
yet decreased with the increase of PET content increasing in blends. The complex viscosity of the blend
with compatibilizer can be similarly increased by either increasing the IV of PET or increasing the PET
content in blend.

(3) PET disperses nonuniformly in LDPE in the form of granules; the cross-section of the
incompatible blend shows brittle fracture. The number of holes in the blend increases with the increase
of PET content. In contrast, the cross-section tends to be indistinct in the presence of LDPE-g-MAH as
a compatibilizer. As the IV of the PET increases in the polymer blends, PET can be easily gathered
to enlarge the scale of the dispersed phase, resulting in worse nonuniform dispersity, while it can be
improved by adding compatibilizer.

(4) It was demonstrated that with the increase of the IV of PET, the elongation at break of the
polymer blend decreases slightly and the tensile strength of the LDPE/PET blend also decreased
accordingly, while the tensile strength of the PP/PET blend gradually increased. It is worth noting
that the higher content of PET in the blend results in a smaller elongation at break and lower tensile
strength. When the compatibilizer was added to the blends, an increase of elongation at break and a
decrease of tensile strength could be seen simultaneously, and the difference of tensile strength caused
by either changing the IV of PET or changing the PET content declined.
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Abstract: Curing rates of an epoxy amine system were varied via different curing cycles,
and glass-fiber epoxy composites were prepared using the same protocol, with the aim of investigating
the correlation between microstructure and composite properties. It was found that the fast
curing cycle resulted in a non-homogenous network, with a larger percentage of a softer phase.
Homogenized composite properties, namely storage modulus and quasi-static intra-laminar shear
strength, remained unaffected by the change in resin microstructure. However, fatigue tests revealed
a significant reduction in fatigue life for composites cured at fast curing rates, while composites with
curing cycles that allowed a pre-cure until the critical gel point, were unaffected by the rate of reaction.
This result was explained by the increased role of epoxy microstructure on damage initiation and
propagation in the matrix during fatigue life. Therefore, local non-homogeneities in the epoxy matrix,
corresponding to regions with variable crosslink density, can play a significant role in limiting the
fatigue life of composites and must be considered in the manufacturing of large scale components,
where temperature gradients and significant exotherms are expected.

Keywords: curing rate; epoxy microstructure; fatigue; composites; critical gel

1. Introduction

High performance thermoset composites are ubiquitous all around us. They are selected due to
their light weight, high glass transition temperature, high strength and great chemical resistance [1–3].
The majority of the strength in a structural composite comes from the fiber being used for reinforcement,
while the resin acts as a binder for the fiber mat holding the mat together [4,5]. Epoxies mixed with a
curing agent or hardener represent a large percentage of thermoset resins, largely due to their excellent
wettability and strong adhesion to the fiber. Epoxy composites are currently used in the manufacture
of boat hulls, wind turbine blades, aircrafts and cars, to serve as structural materials. Despite the
strength of the composite, stemming from the fiber reinforcement, the matrix has a large role to play
in the failure of composites. The primary role of the matrix is to provide the stress transfer between
the fibers. Therefore, failure of the composite usually occurs through matrix cracking, interface
debonding, delamination or fiber breakage [6–8]. The microscopic damage in the matrix deteriorates
the composite’s mechanical properties and eventually results in coalescence of microscopic cracks and
formation of transverse ply cracks and delaminations, which can lead to catastrophic failure of the
composite. Thus, it is essential to study the microstructure of the matrix and understand how local
non-homogeneities in the epoxy can affect the overall performance of the composite.

On a molecular scale, the epoxy amine reaction involves the opening up of the epoxide ring by
reaction with an amine hydrogen [9–13]. The initial cure is largely dominated by the primary amine
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reaction taking place since the secondary amines are sterically hindered [14]. A post cure is thus
required to ensure complete conversion of the secondary amines. On a macro scale, these reactions
manifest themselves as the epoxy resin and curing agent mixture transforming from a fairly viscous
liquid to a gel, through the formation of a three dimensional network, and finally, to a cross-linked
intractable solid [15,16]. The onset of gelation was shown to be important for predicting residual stress
development in composites. Previous studies have shown that residual stress build up in composites
occurs past the gel point and is due to cure induced shrinkages in the epoxy matrix [17,18]. Cure rates
past the gel point were shown to significantly affect residual deformation in composite laminates [19,20],
while residual stresses alone can be significant enough to result in processing-induced damage in
composites after cure. However, the method by which the cure conditions prior to gelation affect
composite mechanical performance still remains not fully understood. Several studies have examined
the microstructure of the epoxy network to get a better idea of the way gelation occurs [21–24]. In each
of these studies, a two-phase structure was observed, consisting of a highly cross-linked, high density
nodular phase, interspersed with a low density, softer phase. Small highly cross-linked microgel
particles, in the order of ~10 nm, were the characteristic feature of the nodular phase, with larger
nodules formed by the aggregation of these microgels. These investigative studies provided a model
for gelation wherein:

1. Microgel particles, made up of uniformly cross-linked networks, nucleate and grow from the
reacting polymeric network.

2. These microgels begin to coalesce, to form less coherent clusters, which continue to interact with
other microgel clusters.

3. At gelation, the microgel clusters pack together to form a non-uniform, incoherent gel network
with the partially reacted networks having a lower cross-link density, forming the dispersed phase.

Previous studies have manipulated the microstructure of the epoxy network by changing the
stoichiometry of the epoxy amine reaction [22]. It was found that increasing the epoxy or amine content
decreased the connectivity of the microgel clusters, resulting in a higher fraction of a dispersed phase.
Studies on varying the stoichiometry of the epoxy amine reaction show either a decrease in mechanical
properties or a decrease in the glass transition temperature (Tg), due to the presence of excess amine
or epoxy [22,25,26]. Therefore, this does not present an effective way of tuning the microstructure of
the epoxy, especially in the case of structural composites where high strength and Tg are required.
In this work, we propose changing the microstructure by modifying the curing rate of the epoxy amine
reaction. There are two major questions that need to be answered: What is the effect of increasing
the reaction rate up to gelation? Can the reaction proceed so quickly that the microgels are unable to
coalesce completely?

To the best of our knowledge, varying the curing temperatures, and thus, the curing rates, to study
the microstructure of the resulting matrix, and observing the effect of this change on the composite
properties, has not been studied. Increasing the curing rate, leading to quicker cycle times, also has
the benefit of expediting composite manufacturing, which is of practical importance to industry. This
work involves studying the effect of three different curing cycles on the evolution of the epoxy network
and the implication it has on the final composite properties.

2. Experimental

2.1. Materials

Lab grade Diglycidyl ether of Bisphenol A (DGEBA) resin and the curing agent, isophorone
diamine (IPD) are a product of Sigma–Aldrich® (St. Louis, MO, USA). Bi-directional glass fiber mats
were procured from Fiberglast® (Brookville, OH, USA).

The epoxy resin and curing agent were mixed together using a glass rod for 5 min. The Epoxide
Equivalent Weight (EEW) of DGEBA was 170 g/equivalent, obtained directly from the manufacturer
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mentioned above. The curing agent was added such that the ratio between the EEW and the
Amine Hydrogen Equivalent Weight (AHEW) was 1:1. The Amine Hydrogen Equivalent Weight
was calculated by the following equation.

Amine hydrogen equivalent weight =
Molecular weight of Amine
number of active hydrogens

=
170.30

4
= 42.575 (1)

The amount of amine added in parts per hundred (phr) was thus found by

phr =
AHEW
EEW

× 100 =
42.575
170.3

= 25 g per hundred grams of epoxy (2)

The composites were prepared by the hand layup method. Five layers of glass fiber mats were
each impregnated with the resin curing agent mixture and stacked one on top of the other. Three
different curing rates were used to cure the composite samples. After impregnation, one composite
was allowed to cure at room temperature (RT) for 12 h, following which it was hot pressed, at a
pressure of 2 metric tons, at 70 ◦C for 6 h, and then 140 ◦C for 6 h. This sample will be referred to as the
“RT sample” in the rest of the manuscript. Another impregnated composite, termed the “70 sample”,
was hot pressed, with a pressure of 2 metric tons, at 70 ◦C for 6 h, and 140 ◦C for 6 h. A third composite,
labeled the “140 sample”, was directly hot pressed, at 140 ◦C, at a pressure of 2 metric tons, for 6 h
following impregnation. The fiber mats used per composite were weighed prior to impregnation and
the composite was weighed again post-curing, to obtain the fiber to resin weight ratio. For all the
3 curing cycles, the weight ratio of the composite was 65 parts fiber and 35 parts epoxy. In order to
study the microstructure of the epoxy network, control samples without any glass fiber mats were
also prepared. The epoxy resin and hardener were mixed together, and the mixture was poured into
rectangular shaped molds and cured via the 3 curing cycles. Similar to the composite samples, these
were labelled as “RT sample”, “70 sample” and “140 samples”, respectively.

2.2. Instrumental Methods

2.2.1. Soxhlet Extraction

Weighted samples obtained from the 3 different curing cycles were refluxed in Tetrahydrofuran
(THF) for 72 h, following which the samples were dried to remove all solvent and weighed again to
measure the difference in weight. The experiment was repeated from different samples at least twice
for reproducibility. It was expected that all unreacted or partially reacted monomers of the epoxy
amine reaction would be washed away during the THF reflux.

2.2.2. Differential Scanning Calorimetry (DSC)

DSC was performed on test samples using a TA Instrument DSC Q100 (New Castle, DE, USA)
under nitrogen flow, using aluminum hermetic pans obtained from TA Instruments. Samples were
subjected to a temperature ramp, from −60 to 200 ◦C, at a ramp rate of 3 ◦C/min. Samples were then
equilibrated to −60 ◦C and ramped once more to 200 ◦C, at a rate of 3 ◦C/min. The glass transition
temperature (Tg) of the samples was obtained as the midpoint of the drop in heat capacity during the
heating cycle. Experiments were repeated 2–3 times to ensure reproducibility.

2.2.3. Atomic Force Microscopy (AFM)

Phase images to probe the microstructure of the epoxy samples were obtained using the Veeco
Dimension 3100 Atomic Force Microscope (Bruker, Billerica, MA, USA) in Tapping mode with a
Si-Carbide tip with a length of 125 mm, a spring constant of 40 Nm−1 and a resonant frequency
of 372 KHz. Samples were microtomed, using a diamond knife, prior to imaging. Scan sizes of
250 nm and 1 μm were probed at a scan rate of 0.513 Hz. The contrast in phase images is affected by
the viscoelastic behavior of the matrix, leading to brighter areas having a higher cross-link density.
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The images obtained from the AFM were analyzed using ImageJ to find the percentage of bright and
dark areas. During this analysis, care was taken to neglect those areas observed in the phase images
that were clearly an artifact derived from the valleys and ridges obtained from the height imaging.
The maximum surface roughness through the entire scan size did not exceed 35 nm. The thickness of
these samples was ~1.5 mm.

2.2.4. Thermal Gravimetric Analysis (TGA)

TGA was performed on test samples using TA Instruments Q500 under nitrogen flow with a ramp
rate of 10 ◦C/min until 600 ◦C. It is to be mentioned here that due to difficulties in cutting the glass
fiber mat, the small amount of sample used primarily consists of the epoxy network and thus, does not
reflect the fiber to resin ratio used in the composite.

2.2.5. Dynamic Mechanical Analysis (DMA)

TA instruments Q800 DMA, operating in dual cantilever mode, with an amplitude of 10 μm at a
frequency of 1 Hz, was used to determine the Storage Modulus (E’). The glass transition temperature
was obtained through the peak of the tan delta curve. Samples were run from 40 to 200 ◦C, at a ramp
rate of 3 ◦C/min. Experiments were repeated 2–3 times for reproducibility.

2.2.6. Static and Dynamic Flexural Testing

Three-point bending tests were performed on the composite samples in static and fatigue modes.
The static test was conducted on an Instron Tensile tester (Instron, Norwood, MA, USA) with a load
cell of 5 kN at a speed of 2 mm/min and a span length of 50 mm. Dynamic three-point bending tests
were performed on a servo-hydraulic test machine (MTS Model 20 kip, Eden Prairie, MN, USA) at the
same span length, a frequency of 3 Hz of the loading sinusoidal wave and at a load that was 80% of the
maximum load used to break the strongest samples determined from the static load test. The fatigue
testing was conducted under load controlled mode with a load ratio, defined as the ratio between the
minimum to maximum load, of R = 0.2. The number of cycles to failure was recorded and at least three
specimens were tested for each sample, to ensure reproducibility.

3. Results and Discussion

3.1. Probing the Microstructure

The epoxy microstructure exposed to three different curing cycles was probed using the control
samples without any glass fiber mats. Multiple pieces of the differently cured epoxies were subjected to
Soxhlet extraction in THF. It was expected that a fully cured epoxy network would swell when exposed
to THF but not dissolve. The unreacted parts of the network, i.e., the monomers or oligomers that had
not cross-linked, would be washed away with the THF, observable by a weight change. A sample of
the results for the Soxhlet extraction can be seen in Table 1. Since the initial sample weight changed
when repeating the experiment, only the percentage change values reflect multiple tries.

Table 1. Soxhlet extraction of samples cured under the three curing cycles.

Curing Cycle
Weight before
Drying (mg)

Weight after
Drying (mg)

Percent Change in
Weight (%)

Room temperature (RT) sample 258.6 258.4 0.077 ± 0.002
70 sample 176.7 176.2 0.275 ± 0.024

140 sample 294.8 286.1 2.886 ± 0.212

As can be seen in Table 1, the two samples (RT sample and 70 sample) that were allowed to gel
completely before the post cure show almost no change in weight after extraction. Thus, the network
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was less homogenous in the 140 sample, since the microgels were not allowed to coalesce completely
during the gelling stage.

AFM results show no significant differences between the samples on the 1 μm scale via the AFM,
as can be seen in Supplementary Materials Figure S1. There were no nodular structures of 10–70 μm
observed, as mentioned in other works [23,24]. At a scale of 250 nm, however, as seen in Figure 1,
the inhomogeneous structure of the 140 sample is readily observable. The height images for all these
samples can be seen in Supplementary Materials Figure S2. The fast cure of the 140 ◦C sample is
expected to leave larger areas of partially reacted network that manifest themselves as a softer phase,
with reduced mechanical properties, when compared with an otherwise hard epoxy network. These
areas are regions of low cross-link density. The 140 sample is regularly interspersed with a softer
phase material, indicating microgel clusters, meaning less connectivity between the highly cross-linked
clusters. The RT sample, when compared to the 140 sample, shows a more homogenous network on
either side of the height artifact. Significant dark spots in the 70 sample are mere artifacts, resulting
from the differences in height. The 70 sample shows a similar structure to the RT in the bright spot
dominated regions, with small amounts of a softer phase. It is interesting to note that the 140 sample
has a similar structure to non-stoichiometric epoxy amine networks observed in other works [22],
reinforcing the hypothesis that the fast cure in the 140 sample leaves portions of the system partially
cured and thus, soft. Measuring of the relative areas of the bright and dark spots, i.e., The harder and
softer phases of the epoxy network, respectively revealed that the 140 sample has a significantly higher
percentage of softer phase regions when compared to the other samples (Supplementary Materials
Table S1). The RT sample has ~15% of a softer phase region, whereas the 140 sample has ~31% of a
softer phase region.

 

Figure 1. Phase images in tapping mode for (a) RT sample (b) 70 sample (c) 140 sample; figures (d–f)
represent the threshold black and white images used to measure the percentage of bright and dark areas.
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Differences in curing via the three cycles can also be observed by looking at the changes in glass
transition via the DSC, as can be seen in Figure 2.

Figure 2. Heat capacity curves for samples cured under the three curing cycles.

All three samples, when subjected to a second curing cycle, show an increase in glass transition
temperature. This is due to some amount of residual cure remaining during sample preparation, as is
evident from the exothermic peaks observed immediately after Tg. For the 140 sample, a broad dip is
observed in the 100–150 ◦C range, indicating a glassy to rubbery transition for the partially reacted
oligomers in the network. This is apparent when comparing the Tg values of the three samples from
the initial curing cycle, wherein the RT and 70 samples show similar Tg values of ~155 ◦C, whereas the
140 sample, due to the presence of these partially cured oligomers, has a lower Tg of 143 ◦C. However,
the curing reaction for these oligomers is expected to persist, provided enough thermal activation is
provided. This is exactly what is observed during the second curing cycle. During the second heating
cycle, the bump observed in the 140 sample disappears, indicating that the oligomers have reacted.
The Tg of the RT and 70 sample increase to similar temperatures of 165 ◦C during the second heating
cycle, however, the Tg of the 140 cycle increases only up to 150 ◦C. Previous work [27] has noted that
Tg is an exponential function of the degree of cure, indicating that close to full cure, a small increase
in the degree of conversion causes a big increase in the Tg. This is similar to what is observed in
the present DSC data. Within a particular microgel, the epoxy could be completely cured, but total
coalescence of the individual microgels is essential for a complete degree of cure, which seems to be
lacking in the 140 sample. The cross-linking reaction is still observed at the end of the second curing
cycle for all samples because the reaction was not completed during the first cycle before the samples
were cooled down, leading to vitrification.

Based on the microstructure, the 140 sample showed a distinct difference when compared to the
RT and 70 samples. A closer look at the degree of conversions in the pre-curing stages of these RT
and 70 samples provided an explanation for this behavior. As mentioned earlier, the Tg of the epoxy
network increases as the curing reaction progresses [27] and if the Tg evolves to the temperature of the
reaction, the epoxy transforms into a glass, leading to vitrification [28–30]. Also, gelation increases the
viscosity by close to three orders of magnitude [31], after which the diffusion of the polymeric chains
slows down, decreasing reaction kinetics [32]. Using an equation derived previously [27], the degree of
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conversion of the epoxy reaction can be obtained from the temperature at which the reaction proceeds
(T), assuming enough time is given for the Tg of the network to reach the temperature of reaction.

T − Tg0

Tg∞ − Tg0
=

λα

1 − (1 − λ)α
(3)

Here, Tg0 is the glass transition temperature of the epoxy monomer, which, in the case of DGEBA,
is −25 ◦C; Tg∞ is the glass transition temperature of the completely cured epoxy network, which
was found to be 165 ◦C from DMA; α is the degree of conversion; and λ is a derived term that can
be approximated to Tg0

Tg∞
(both temperatures in Kelvin), which equates to 0.566. Both the RT and the

70 sample are given enough time to cure at 70 ◦C, which, when substituted into Equation (3), give a
value of the degree of conversion of 0.63. According to the Flory Stockmayer theory, a bifunctional
epoxy and a tetrafunctional amine, when mixed in a stoichiometric ratio, critically gel at

αgel = (
1

( fa − 1)( fb − 1)
)

0.5
→ αgel = (

1
(2 − 1)(4 − 1)

)
0.5

→ αgel = 0.577 (4)

This value is very similar to that obtained for the RT and 70 samples. Thus, enough time is given
for the microgels to diffuse and coalesce to reach their critical gel point and stabilize. The 140 sample,
on the other hand, cures so quickly with the rise in reaction temperature, and thus, reaction rate, that
even though microgel clusters form, the reaction medium has become viscous enough to prevent
complete coalescing of these microgels. This leaves a large amount of partially unreacted chains in the
network, exhibiting a pseudo-off stoichiometric network structure.

3.2. Composite Characterization

After the matrix was characterized, it was important to investigate how the observed changes in
the microstructure correlate with macroscopic properties of the composite. The thermal stability of
three types of sample was studied by TGA. Weight loss curves as a function of temperature show a
one-step degradation process, as can be seen in Figure 3. The onset of thermal degradation at 5 weight
percentage loss (Td5%) and the peak decomposition temperature (Tpeak), shown in Supplementary
Materials Table S2, were used to observe any differences in thermal decomposition. Values for Td5%
varied between 345 to 350 ◦C for all samples, while the difference between the Tpeak values was
minimal. Consequently, it is apparent that considered changes in microstructure, due to the differences
in heating rates, did not translate into changes in the decomposition temperature of the composite.

A dynamic mechanical analysis, obtained from DMA and static flexural testing, revealed that
macroscopic composite properties were not affected by post-curing conditions. As can be seen
in Table 2, the macroscopic properties of storage modulus, above and below the glass transition
temperature (Supplementary Materials Figure S3), flexural modulus (calculated from the linear region
of the load-displacement curve), flexural strength (measured as the stress required for failure on the
mid span of the outermost layer of the composite,) and strain at break, do not change significantly
between samples (Supplementary Materials Figures S4–S6). Flexural stress was calculated using
Equation (5)

Flexural stress =
3FL
2bd2 (5)

where F is the force applied, L is the span length (50 mm), b is the width of the sample and d is the
thickness of the sample.
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Figure 3. Thermal decomposition of epoxy glass-fiber composites.

Table 2. Storage modulus, glass transition temperature (Tg) and flexural properties of epoxy
glass-fiber composites.

Sample
Storage

Modulus at
40 ◦C (GPa)

Storage
Modulus at 200

◦C (GPa)
Tg (◦C)

Flexural
Modulus at
25 ◦C (GPa)

Flexural
Strength at

25 ◦C (MPa)

Strain at
Break (%)

RT + 70 + 140 13.8 ± 0.1 3.8 ± 0.3 165 20.6 ± 1.4 354 ± 17.7 1.9 ± 0.1
70 + 140 13.4 ± 0.1 3.7 ± 0.2 164 20.1 ± 0.6 350.4 ± 35.1 2 ± 0.2

140 12.5 ± 0.3 3.6 ± 0.4 165 20.2 ± 1.2 343.1 ± 41.0 2.1 ± 0.2

Similar values for fiberglass epoxy composites have been observed in previous works [33]. This
behavior was expected, since the strength of the fibers will be dominant during quasi-static loading [34].
It is known that the presence of the hydroxyl groups on the glass fiber surface can accelerate the cure
behavior of the epoxy amine reaction. It was hypothesized that this acceleration might be playing a role
in changing the microstructure, leading to similar macroscopic properties. Thus, control samples used
to probe the microstructure were also observed on the DMA under the same conditions. The results
which can be seen in Supplementary Materials Table S3 show that the changes in curing cycle still
do not affect the macroscopic properties. The values for storage modulus, above and below the glass
transition, for the neat epoxy samples, are similar irrespective of the curing cycle.

The only difference that could be observed was in the tan delta peak height (Supplementary
Materials Figure S7), which showed that the 140 sample had a lower peak height, when compared
to the similar peak heights observed for the RT and 70 samples. Since tan delta is qualitatively
known to reflect damping or relaxation of the matrix, fatigue testing was done, to determine if
the microstructural changes developed during curing would affect the wear and relaxation of the
composites. As mentioned previously, the common failure modes in composites are matrix cracking,
interface debonding and delamination [6–8], which develop from coalescence of microscopic cracks
throughout the fatigue life of a composite, thus, changes in the microstructure of the matrix were
expected to have noticeable differences during cyclic testing under subcritical loads. The maximum
load during the cyclic test was kept constant for the three types of composites and was selected as 80%
of the maximum flexural force required to fail the RT sample (88.2 N). The number of cycles required
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for the 140 sample to fail was significantly lower than those required for the RT and 70 samples, as
shown in Figure 4.

Figure 4. Number of cycles to failure in three-point bending fatigue tests for composite samples.

The change in the matrix microstructure, as depicted in the tan delta peak, is exactly reflective
of the results obtained from the fatigue testing. The larger region of softer phase in the 140 sample
would act as a stress concentration site and break prematurely, leading to early failure in those samples.
The 70 and RT samples, having similar microstructures and tan delta peak heights, undergo a similar
number of cycles to fail.

4. Conclusions

The epoxy samples were cured under different conditions, to obtain variations in their
microstructures. It was found that those samples that were allowed to gel completely before post-curing
showed similar microstructures and mechanical properties, whereas the sample that was cured
significantly faster showed a larger region of a softer (lower crosslink density) phase, observable in the
Soxhlet extraction, DSC and AFM. When using these curing cycles in epoxy glass fiber composites, it
was found that static flexural tests, storage modulus and thermal decomposition remained unchanged,
irrespective of microstructure. This result was explained by the fact that the corresponding properties
are governed by the homogenized mechanical response of the composite, rather than the local
non-homogeneous microstructure in epoxy matrix. The presence of microstructural variance in
the matrix was found to play a significant role under fatigue loading, where the composite response
is determined by the local “hot” spots in the microstructure, rather than the overall homogenized
properties of the composite. The presence of soft sub-microscopic regions of epoxy with lower cross-link
density played the role of weak links in the material, which was evident under fatigue loading
conditions, where material degradation was gradual, but not in quasi-static loading. Consequently,
composites manufactured with faster cure rates, and as a result containing greater volume content of
the soft epoxy phase, showed lower fatigue life. However, if given enough time to critically gel, samples
showed similar microstructures and thus, similar fatigue properties, irrespective of the rate of cure
prior to gelation. Curing times can be expedited by pre-curing the composite at a temperature which
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vitrifies the network at the critical gel point degree of conversion, without having any consequences
on the properties, as is apparent in the RT and 70 samples.

The present result has important practical significance for predicting the fatigue life of composite
structures, which normally show a distribution of the cure rate profiles, as a result of the heat transfer
and heat generated from the exothermic reaction during epoxy cure. Therefore, the varying cure rates
would result in locally different microscopic compositions of the hard-soft phases in the epoxy matrix,
and can be expected to affect the fatigue life of composite structure. Thus, the consideration of the
cure state prior to gelation is an important aspect of predicting fatigue life of composites, as is the
consideration of residual stresses, which are largely affected by the cure reaction past the gel point.

Supplementary Materials: The following are available online at www.mdpi.com/xxx/s1, Figure S1: Phase
images of (a) RT sample (b) 70 sample (c) 140 sample at 1μm scale size, Figure S2: Height images of a) RT sample
b) 70 sample c) 140 sample at 250nm scale size, Table S1: Percentage area of softer phase interspersed between the
hard epoxy network, Table S2: Onset of thermal degradation at 5 weight % loss and peak degradation temperature
for the samples cured at different rates, Figure S3: DMA curves for epoxy glass fiber composites , Figure S4:
Flexural 3 point bending curves for RT sample, Figure S5: Flexural 3 point bending curves for 70 sample, Figure S6:
Flexural 3 point bending curves for 140 sample, Table S3: Dynamic Mechanical Analysis of sample without glass
fiber mats, Figure S7: Tan delta vs temperature for the 3 curing cycles without glass fiber mats.
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Abstract: Poly(lactic acid) (PLA) was reactively blended with thermoplastic cassava starch (TPCS)
and functionalized with commercial graphene (GRH) nanoplatelets in a twin-screw extruder,
and films were produced by cast-film extrusion. Reactive compatibilization between PLA and
TPCS phases was reached by introducing maleic anhydride and a peroxide radical during the
reactive blending extrusion process. Films with improved elongation at break and toughness for
neat PLA and PLA-g-TPCS reactive blends were obtained by an addition of GRH nanoplatelets.
Toughness of the PLA-g-TPCS-GRH was improved by ~900% and ~500% when compared to neat
PLA and PLA-g-TPCS, respectively. Crack bridging was established as the primary mechanism
responsible for the improvement in the mechanical properties of PLA and PLA-g-TPCS in the
presence of the nanofiller due to the high aspect ratio of GRH. Scanning electron microscopy images
showed a non-uniform distribution of GRH nanoplatelets in the matrix. Transmittance of the
reactive blend films decreased due to the TPCS phase. Values obtained for the reactive blends
showed ~20% transmittance. PLA-GRH and PLA-g-TPCS-GRH showed a reduction of the oxygen
permeability coefficient with respect to PLA of around 35% and 50%, respectively. Thermal properties,
molecular structure, surface roughness, XRD pattern, electrical resistivity, and color of the films were
also evaluated. Biobased and compostable reactive blend films of PLA-g-TPCS compounded with
GRH nanoplatelets could be suitable for food packaging and agricultural applications.

Keywords: PLA; reactive blending; biobased films; graphene; nanoreinforcement

1. Introduction

Poly(lactic acid) (PLA), an aliphatic polyester derived from lactic acid, is a biobased polymer
that can be obtained from renewable sources, and in recent years has been used increasingly in
food packaging and medical devices and in the agriculture, textile, and automotive industries [1].
PLA is recyclable, biodegradable, and compostable under industrial composting conditions, and it is
considered to be an alternative to replace traditional fossil non-biodegradable polymers [2]. However,
some drawbacks regarding PLA’s mechanical and barrier properties hinder its more widespread
application in areas such as food packaging [1,3,4].

The blending of PLA with other polymers and the incorporation of nanofillers into the PLA
matrix have been pursued to overcome some of the polymer’s shortcomings [5–9]. PLA has been
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blended with polyethylene glycol, ethylene vinyl alcohol, poly(butylene adipate-co-terephthalate),
and other polymeric systems to improve crystallinity, biodegradability, and thermal and mechanical
properties [10–12]. One of the main biopolymers used for reactive blending functionalization of
PLA is a starch-based thermoplastic, in order to maintain PLA’s inherent compostability [13,14].
Starches obtained from crops such as corn, cassava, and sugar beets are cheap, biodegradable,
and promote a lower environmental footprint [15]. Cassava starch is a good option for the production
of thermoplastic cassava starch (TPCS) since cassava is inexpensive and is produced on a massive
scale [16]. TPCS and modified TPCS offer acceptable properties as a PLA component for creating
flexible packaging films [17,18].

Reactive blending is the best option to produce compatible PLA and TPCS
blends [13,17,19,20]. The use of maleic anhydride in the presence of peroxide initiators, such as
2,5-bis(tert-butylperoxy)-2,5-dimethylhexane and dicumyl peroxide, has been widely reported
as an efficient method to achieve an adequate compatibilization between the PLA and TPCS
phases [13,17,20,21]. Films produced by reactive blending show a significant improvement in
mechanical properties. However, the non-compatibilized or physical blends between these two
biopolymers have poor mechanical properties and lower interfacial adhesion [17]. Although reactive
blends of PLA-g-TPCS (i.e., PLA grafted to TPCS) present a good compatibilization of phases,
the mechanical and barrier properties must be improved for the commercial production of films [21].

The use of clays (e.g., montmorillonite, halloysite), nanocellulose, metal nanoparticles (e.g.,
titanium dioxide, zinc oxide, silver), silica, and carbon nanotubes have been widely reported as
reinforcement particles for some single or blended polymers [22–24].

Nanocomposites of PLA obtained using carbon-based nanofillers have been extensively reported
with the aim of improving PLA’s properties by the incorporation of carbon-based materials with
remarkable values of tensile strength, conductivity, thermal stability, etc. [25]. One of the most exciting
novel nanomaterials used in polymers to improve properties is graphene. Graphene is produced from
natural graphite and is considered a multifunctional material that can be introduced into polymers
and composites. Low concentrations of graphene have been shown to improve polymer stiffness,
electrical and thermal conductivity, and barrier properties due to its high surface area, high modulus,
low density, etc. [26–28]. Graphene (GRH) nanoplatelets typically consist of a few graphene layers,
with thicknesses between 1 and 10 nm, average particle diameters of 3 to 50 μm, and a high aspect
ratio [29]. In comparison with the single layer, GRH nanoplatelets are low cost and can be used as a
reinforcement nanomaterial with the potential for large-scale production [30].

The incorporation of GRH oxide into the matrix of PLA or starch composites results in mechanical
and barrier properties improvements [31,32]. The diffusional pathway is influenced by the morphology
of the nanosheets or nanoplatelets (size, aspect ratio, etc.) as well as the degree of exfoliation and
orientation of the individual sheets or flakes in the polymer matrix [33]. However, the inclusion of
GRH nanoplatelets in the matrix of PLA-g-TPCS blends has not yet been explored, and it could provide
a unique opportunity for the production of a novel blend with unique properties. This work aimed
to develop a reactive blend film of PLA-g-TPCS reinforced with a low level of GRH nanoplatelets
(0.1 wt %), to understand the effect of adding this amount of GRH on PLA-g-TPCS reactive blends,
and then to fully characterize the new material by molecular weight, microscopy, and mechanical,
thermal, optical, electrical, and barrier properties.

2. Materials and Methods

2.1. Materials

Ingeo™ biopolymer 2003D poly (96% L-lactic acid) (PLA) was acquired from NatureWorks
LLC (Minnetonka, MN, USA), with a weight (Mw) and number (Mn) average molecular weight
of 2.2 ± 0.2 × 105 Da and 1.2 ± 0.6 × 105 Da, respectively. Cassava starch with amylose
content of 25% ± 6% wt/wt and ~12% of moisture content was purchased from Aldema LLC
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(Cooperativa Agricola e Industrial San Alberto Ltda., Puerto Rico, Mnes, Argentina). Glycerol (>99.5%),
maleic anhydride (MA), and 2,5-bis(tert-butylperoxy)-2,5-dimethylhexane (L101) were purchased from
Sigma Aldrich (Milwaukee, WI, USA). Graphene nanoplatelets xGnP® M-25, with an average particle
diameter of 25 μm, a thickness of around 10 nm, and a surface area between 120 to 150 m2·g−1,
were procured from XG Sciences Inc. (Lansing, MI, USA).

2.2. Production of Master Batch

PLA-g-MA was produced in a Century ZSK-30 twin-screw extruder (Century, Traverse City, MI, USA)
with a composition of 2 wt % MA and 0.65 wt % L101, based on PLA weight. PLA, MA, and L101 were
vigorously premixed in a bag before processing. The twin-screw extruder residence time for a rate of
feed of 70 g·min−1 was ~3 min. The extruded mass was pelletized in a BT 25 pelletizer (Scheer Bay
Co., Bay City, MI, USA), held in an oven at 50 ◦C for 3 h to remove residual water, and stored in a
freezer at −15 ◦C until use. PLA-c (considered as control) was also produced, pelletized, and stored as
previously described. TPCS was produced by mixing cassava starch and glycerol (in a resealable bag)
in a proportion of 70/30 wt/wt, and holding for 12 h before use; TPCS was extruded and pelletized
under similar conditions to those mentioned above. PLA-g-TPCS was produced by mixing PLA-g-MA
with TPCS and using the same processing method as for PLA-g-MA. The proportion used of PLA-g-MA
and TPCS was 70/30 wt/wt.

To produce the PLA-g-TPCS-GRH blend, pellets of PLA-g-TPCS were held in a vacuum oven
overnight and were then premixed in a bag with 0.1 wt % of GRH nanoplatelets; the mixture was
fed into the twin-screw extruder. For the PLA-GRH blend, neat PLA was premixed with 0.1 wt %
of GRH and extruded using the twin-screw extruder, with an approximate residence time of 4 min.
The extrusion was pelletized, held for 4 h at 50 ◦C in an oven, and stored in a freezer at –15 ◦C. Table 1
shows the processing conditions.

Table 1. Conditions of processing of master batches in the twin-screw extruder.

Films Temperature Profile from the Feeder to the Die (◦C) Screw Speed (RPM)

PLA-c 140/150/160/160/160/170/170/170/170/160 120
TPCS 25/100/105/110/115/120/120/120/115/115 125

PLA-g-MA 140/150/160/160/160/170/170/170/170/160 120
PLA-g-TPCS 140/150/160/160/160/170/170/170/170/160 120

PLA-GRH 140/150/160/160/160/170/170/170/170/160 100
PLA-g-TPCS-GRH 140/150/160/160/160/170/170/170/170/160 100

RPM: revolutions per minute; PLA: Poly(lactic acid); TPCS: thermoplastic cassava starch; MA: maleic anhydride;
GRH: graphene.

2.3. Production of Films

Master batches obtained from the twin-screw extruder were used to produce cast films in a single
extruder (Randcastle Extrusion Systems, Inc., Cedar Grove, NJ, USA). Before the cast film process,
all of the materials were conditioned overnight in an oven at 50 ◦C. The fabricated films were stored at
−15 ◦C for further characterization. The processing conditions are presented in Table 2.

Table 2. Processing conditions of the cast films.

Films Temperature Profile from the Feeder to the Die (◦C)
Screw-Nip Roller-Winding

Roller Speed (RPM)

PLA-c 140/150/160/160/160/170/160 30-50-12
PLA-g-TPCS 140/150/160/160/160/170/160 30-50-12

PLA-GRH 140/150/160/160/160/170/160 30-50-12
PLA-g-TPCS-GRH 140/150/160/160/160/170/140 30-50-12
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2.4. Molecular Weight

Weight average molecular weight (Mw), number average molecular weight (Mn),
and polydispersity index (PI) of PLA-c and the fraction of PLA present in PLA-g-TPCS, PLA-GRH,
and PLA-g-TPCS-GRH were determined by the method described in previous work [17,21] using
a Waters gel permeation chromatograph (Waters Corp., Milford, MA, USA) equipped with a
1515 isocratic HPLC pump, a 717plus autosampler, four Styragel® columns (HR1, HR2, HR3, and HR4),
and a 2414 refractive index detector interface (Waters Corp.). Experiments were conducted in triplicate.

2.5. Scanning Electron Microscopy (SEM) and Atomic Force Microscopy (AFM)

SEM was used to investigate the morphology of the samples. Bar specimens of PLA-c,
PLA-g-TPCS, PLA-GRH, and PLA-g-TPCS-GRH blends were produced by compression molding using
pellets from the twin-screw extruder. Bars of PLA-g-TPCS and PLA-g-TPCS-GRH were immersed
in liquid nitrogen for ~3 min, then fractured by hand, treated with hydrochloric acid (6 N) for 6 h
to remove the TPCS phase, and air dried for 12 h in a fume hood [17]. Finally, the samples were
mounted on aluminum stubs using carbon suspension cement (SPI Supplies, West Chester, PA, USA).
Samples of films evaluated before and after tensile testing were also mounted on aluminum stubs
with high vacuum carbon tabs (SPI Supplies) and coated with iridium at a thickness of ~2.7 nm.
Samples were examined in a JEOL 6610LV (tungsten hairpin emitter) and a JEOL 7500F (field emission
emitter) scanning electron microscope (JEOL Ltd., Tokyo, Japan) at various magnifications at 10 and
3.0 kV, respectively.

AFM was conducted using a Cypher™ atomic force microscope (Oxford Instruments Asylum
Research, Inc., Santa Barbara, CA, USA) in the contact mode. Roughness parameters, calculated as the
root mean square (Rq) and average roughness (Ra), were determined for each type of film and were
calculated from the Htr mode image. Images were obtained in the Dfr mode. The film area for the
determination of roughness was 900 μm2.

2.6. Profilometer

A profilometer NanoMap 500LS (AEP Technology, Santa Clara, CA, USA) was also used for
roughness determination. Films were attached to a microscope slide for measuring, and scans were
conducted at 50 μm·s−1 with a sample frequency of 100 pts·s−1, data resolution of 5 μm, 6000 number
of points per scan, and a contact force of 5.4 mg. The scan area was 9 × 106 μm2. Values of Ra (nm)
and peak-to-peak (nm) were determined from every measurement. A minimum of two samples was
scanned for each film.

2.7. Tensile Properties

Tensile strength, elongation at break, and Young’s modulus were evaluated using an Instron®

Universal Machine 5565 (Instron, Norwood, MA, USA) according to ASTM D882-12 [34]. Film samples
were cut into 2.54 cm × 20 cm strips and conditioned for 48 h in an environmental chamber
(Environmental Growth Chambers, Chagrin Falls, OH, USA) at 23 ◦C and 50% relative humidity.
PLA-c was tested with an initial grip and a rate grip separation of 125 mm and 12.5 mm·min−1,
respectively. All of the other samples were tested with an initial grip and a rate grip separation
of 100 mm and 50 mm·min−1, respectively. Five samples were evaluated for each formulation.
Film thickness was determined by averaging five measurements for every specimen using a digital
micrometer (Testing Machines Inc., Ronkonkoma, NY, USA).

2.8. Thermal Properties

Differential scanning calorimetry (DSC) of the films was carried out with a Q100 differential
scanning calorimeter (TA Instruments, New Castle, DE, USA) equipped with a mechanical cooling
system. Specimens between 5 and 10 mg were cut, weighed, and sealed in an aluminum pan.

215



Polymers 2018, 10, 95

Samples were first cooled from room temperature to −50 ◦C, heated from −50 ◦C to 200 ◦C (first
heating cycle), underwent an isothermal for 1 min at 200 ◦C, again cooled until −50 ◦C, and finally
heated to 200 ◦C (second heating cycle). The sample purge flow rate was 70 mL·min−1 of nitrogen.
Glass transition temperature (Tg), cold crystallization temperature (Tcc), melting temperature (Tm),
and degree of crystallinity (Xc) of PLA and blends were determined using the TA Universal Analysis
2000 software, version 4.5A (TA Instruments, New Castle, DE, USA). The Xc of PLA was calculated
from an equation modified from Detyothin et al. [17]:

Xc =
ΔHm − ΔHc

ΔHf × (1 − α)
(1)

where ΔHm and ΔHc are the enthalpies of melting and crystallization, respectively; ΔHf is the enthalpy
of fusion of a pure crystalline PLA with a value of 93 J·g−1 [35]; and α is the sum of the weight fraction
of TPCS, MA, and GRH in the final blends. The values of Xc are reported from the first and second
heating run. Samples were run in triplicate.

Thermogravimetric analysis (TGA) of the films was conducted in a Q50 thermal gravimetric
analyzer (TA Instruments) under a nitrogen atmosphere with a flow rate of 60 mL·min−1. The method
used was a ramp of 10 ◦C·min−1 from room temperature until reaching 600 ◦C in an aluminum pan.
Between 5 and 10 mg of sample was used for every run. Samples were run in triplicate.

Dynamic mechanical analysis (DMA) was conducted using an RSA-G2 analyzer (TA Instruments).
Film samples (64 mm × 12 mm) were conditioned at 50% relative humidity and 23 ◦C for 48 h in an
environmental chamber. Five specimens were evaluated for each type of blend. The storage modulus
(E′), loss modulus (E′′), and tan delta were evaluated. A loading gap of 15 mm for a rectangular
geometry was used. A tension axial force of 400 g with a sensitivity of 10 g was used, with an
oscillation temperature ramp of 3 ◦C·min−1 from 25 to 100 ◦C with a frequency of 1.0 Hz and a strain
of 2%. Five specimens of each type of blend were assessed.

2.9. UV-Visible Spectroscopy

Transmittance of the films was evaluated with a Lambda 25 UV/Vis spectrophotometer
(PerkinElmer, Waltham, MA, USA) in a wavelength range of 190–880 cm−1 using one cycle, with a
scan speed of 480 nm·min−1.

2.10. Barrier Properties to Oxygen and Water Vapor

Oxygen and water vapor barrier performance of film samples were measured with Ox-tran®

model 2/21 and Permatran® model 3/33 testing instruments (Mocon, Minneapolis, MN, USA),
respectively. Samples were mounted in masks of aluminum foil with an exposed area of 3.14 cm2.
Test conditions were 30% relative humidity (RH) and 23 ◦C for oxygen and water vapor. The oxygen
test was conducted with air.

2.11. Statistical Analysis

Statistical analysis was conducted with MINITAB™ software (State College Park, PA, USA).
ANOVA and Tukey’s test were used to evaluate the comparison of means at p ≤ 0.05.

3. Results and Discussion

Reactive blends of PLA and TPCS compatibilized with MA using L101 as peroxide initiator were
produced and characterized. GRH nanoplatelets were introduced with the objective of increasing
the toughening of the reactive blends. Subsequently, cast films were produced and characterized.
PLA-c and PLA-GRH were produced as reference films, and their properties are also reported.
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3.1. Molecular Weight

The Mn, Mw, and PI values of the PLA films are reported in Table 3. The Mn and Mw for the
fraction of PLA measured decreased significantly for the reactive blend of PLA-g-TPCS with respect to
PLA-c. The overall reduction of the PLA-g-TPCS is related to several factors: (1) the use of MA and the
peroxide initiator; (2) the presence of water and glycerol on TPCS; (3) the use of a two-step processing
method (twin-screw extruder for the production of blends and single extruder for the production of
films); and (4) the thermal conditions associated with the process.

Table 3. Mn, Mw, and PI of PLA-c and the PLA portion of the various films produced.

Films Mn Mw PI

PLA-c 103.5 ± 0.1 a 201.9 ± 0.4 a 1.9 ± 0.1 a

PLA-g-TPCS 71.6 ± 10.5 b 147.6 ± 2.5 b 2.0 ± 0.3 a

PLA-GRH 98.8 ± 3.1 a 200.5 ± 0.7 a 2.0 ± 0.1 a

PLA-g-TPCS-GRH 71.0 ± 1.3 b 138.1 ± 1.3 c 1.9 ± 0.1 a

Note: Within columns, values followed by a different letter are significantly different at p ≤ 0.05 (Tukey’s test).
PI: polydispersity index.

The degradation of PLA in the reactive blends can be associated with the dominant side reaction
occurring in the maleated PLA obtained using a free radical grafting initiator, such as L101, and a
compatibilizer, such as MA [19].

The presence of water due to the incorporation of TPCS for the production of the reactive blend is
a reasonable factor affecting the reduction of the Mn and Mw of PLA [36]. Hydrolytic degradation is a
well-known degradation mechanism of PLA due to the presence of moisture. The hydrolysis of PLA
begins by the diffusion of water molecules into the amorphous portion of PLA, resulting in the cleavage
of the ester bonds [37]. Thermal degradation of PLA during processing is also related to the hydrolysis
of residual water, main-chain scission, and intra and intermolecular transesterification. A reduction
of Mn for PLA by hydrolysis was reported in the presence of water, even at low temperatures [38].
The presence of low molecular weight additives, such as glycerol, has a negative impact on the
molecular weight of PLA due to thermal degradation or the hydrolysis of polyester chains.

The production of films for characterization required a two-step processing method. In this case,
the use of different temperatures and shear and mixing conditions allow for a reduction of molecular
weight. Taubner and Shishoo reported a reduction of Mn for PLA during melt extrusion using a
double-screw extruder influenced by the processing temperature and residence time [39].

In the case of PLA-GRH, the values of Mn and Mw were similar to those of PLA-c, showing that
the addition of GRH nanoplatelets did not affect the PLA’s structure. In the case of the final reactive
blend, PLA-g-TPCS-GRH, this resulted in a ~30% decrease of Mn and Mw with respect to PLA due
to the dual processing steps of the composite blends: first, to produce the reactive blend and then
due to the addition of the GRH nanoplatelets and reprocessing. This reduction is associated with
thermal conditions inherent with the processing in the twin-screw and single extruders. Nonetheless,
the values of PI showed a narrow distribution of the molecular weight for all the samples: PI ≤ 2.

3.2. Morphology of the Films

SEM images of the PLA blends were obtained to understand the grade of compatibilization
between PLA and TPCS and the incorporation of GRH nanoplatelets. An optimal distribution of GRH
nanoplatelets should play an important role in enhancing the barrier and mechanical properties of
nanocomposite blends. The morphology of the fracture surface for the evaluated blends is shown in
Figure 1. Figure 1a shows the surface of PLA-c. Figure 1b shows the reactive blend of PLA-g-TPCS
after removing the TPCS phase; good compatibilization between PLA and TPCS was achieved in the
reactive blend by the incorporation of MA and L101. Similar results for these reactive blends were
reported by Detyothin et al. [17]. The proportion of cavities observed due to the removal of TPCS is in

217



Polymers 2018, 10, 95

accordance with the proportion used for the production of the reactive blend. The compatibilization
achieved allowed for good homogenization during the processing step using a twin-screw extruder.
The incorporation of GRH nanoplatelets into neat PLA is presented in Figure 1c, where a small
distribution of GRH nanoplatelets in the PLA matrix is in accordance with the low load of GRH used
in the production (0.1 wt %). Figure 1d shows the presence and distribution of GRH nanoplatelets
in the matrix of the compatibilized blend obtained with PLA and TPCS. By comparing Figure 1c,d,
it appears that the GRH nanoplatelets are mostly located as flakes in the interface of PLA and TPCS.
Figure S1 (supporting information available online) shows the graphene nanoplatelets powder used as
a reinforcement and the formation of agglomerates. The TPCS domain was removed in Figure 1d, and it
is apparent that the GRH nanoplatelets are embedded in the cavities surrounded by the PLA matrix.
This observation may help explain the mechanical property results whereby the GRH nanoplatelets
increased the tensile strength of PLA-GRH with respect to neat PLA but also increased the elongation
at break of the reactive blend produced with TPCS.

Figure 1. SEM images of film samples showing the polymer domains and distribution of GRH
nanoplatelets: (a) PLA-c; (b) PLA-g-TPCS; (c) PLA-GRH (×1000); (d) PLA-g-TPCS-GRH (×1000);
(e) PLA-GRH (×3000); (f) PLA-g-TPCS-GRH (×3000).
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Figure 1e,f reveal further details of how the GRH nanoplatelets are inserted in both the PLA matrix
and the PLA-g-TPCS-GRH. An uneven distribution of nanoplatelets (but good compatibilization and
adhesion) in the matrix is evident. Figure 1e,f show the clustering or agglomeration of several GRH
nanoplatelets, which could affect the barrier and mechanical properties. The presence of flakes of GRH
in the matrix of PLA-c and PLA-g-TPCS exhibiting a surface structure with cracks was also reported
by Gao et al. [40] working with nanocomposites of PLA and GRH nanoplatelets at concentrations
between 5 and 15 wt %. Pinto et al. also reported deficient exfoliation of GRH nanoplatelets with
aggregations of 5 to 10 sheets, as observed by SEM, and overlapping of nanoplatelets as observed by
optical microscopy [26]. How the distribution of GRH nanoplatelets in the polymer matrix affected the
mechanical properties of the films is described in the next section.

Table 4 and Figure 2 present the surface roughness of the PLA films as evaluated by AFM.
The PLA-g-TPCS and PLA-g-TPCS-GRH films had higher values of surface roughness in comparison
with the PLA-c and PLA-GRH films. This greater roughness could be attributed to the presence of
the starch matrix in both reactive blends. Figure 2 shows a smooth surface for PLA-c and PLA-GRH.
Roughness values obtained by profilometry are larger than those obtained by AFM due to the larger
scan area; however, the values follow the same trend (i.e., roughness for PLA-c and PLA-GRH are
lower than for PLA-g-TPCS and PLA-g-TPCS-GRH.).

Table 4. Roughness of PLA films as measured by AFM and profilometry.

AFM Profilometry

Films Rq (nm) Ra (nm) Ra (nm) Peak-to-Peak (nm)

PLA-c 9.0 ± 2.1 a 6.3 ± 1.3 a 1046 ± 572 a 5140 ± 2023 a

PLA-g-TPCS 183.5 ± 0.3 b 143.6 ± 5.4 b 35,167 ± 12,176 b 126,667 ± 23,283 b

PLA-GRH 12.5 ± 2.3 a 9.8 ± 1.7 a 2811 ± 991 a 13,986 ± 4577 a

PLA-g-TPCS-GRH 141.8 ± 33.5 b 104.4 ± 37.4 b 17,100 ± 7353 b 66,350 ± 19,728 c

Note: Within columns, values followed by a different letter are significantly different at p ≤ 0.05 (Tukey’s test).

Figure 2. AFM images of films: (a) PLA-c; (b) PLA-g-TPCS; (c) PLA-GRH; (d) PLA-g-TPCS-GRH.
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Figure 1a,b allow for a comparison of the difference observed in roughness by AFM due to the
presence of the TPCS phase. An increase of roughness could be attributed to irregular shapes of starch
granules as can be observed for the cavities where these granules were immersed. The creation of a
topography with different values of roughness could be due to the presence of two different phases
that were compatibilized.

The presence of GRH nanoplatelets could not be significantly affecting the roughness of the PLA
films due to the low load used for film production, and its effect is masked in the reactive blends due
to the effect of the TPCS phase. Pinto et al. evaluated the topography of PLA with GRH nanoplatelets
as a nano-based material and reported an increase in roughness with a higher concentration of GRH
nanoplatelets (0.4 wt %) [41].

3.3. Tensile Properties

An analysis of the tensile testing of the PLA films, evaluated in the machine direction, reveals a
characteristic brittle behavior for PLA-c, with tensile strength values of ~25 MPa and elongation at
break values around 9% (Table 5 and Figure 3). However, the introduction of GRH nanoplatelets to the
PLA matrix resulted in improvements in both tensile strength and elongation at break of ~75% and
130%, respectively. Others have reported similar values of tensile strength when GRH nanoplatelets
were used as a nanofiller for PLA [42]. Chieng et al. [43] reported tensile strength values of ~60 MPa for
PLA with 0.3 wt % of GRH. Valapa et al. [27], using expandable graphite as reinforcement, found similar
increments for elongation at break of PLA, but the increment for tensile strength was small with the
same load (0.1 wt %).

Table 5. Tensile properties of films produced by cast-film extrusion.

Films
Thickness,

μm
Tensile

Strength, MPa
Modulus,

GPa
Elongation at

Break, %
Toughness,

MJ·m−3

PLA-c 24.2 ± 3.5 a 24.7 ± 0.7 a 1.2 ± 0.1 a 8.9 ± 5.1 a 1.3 ± 0.7 a

PLA-g-TPCS 46.0 ± 5.6 b 11.0 ± 1.5 b 0.7 ± 0.1 b 23.9 ± 2.1 b 2.3 ± 0.5 a

PLA-GRH 20.8 ± 2.9 a 43.2 ± 1.5 c 2.2 ± 0.3 c 21.2 ± 5.7 b 5.3 ± 1.1 b

PLA-g-TPCS-GRH 50.6 ± 8.4 b 13.7 ± 1.1 b 0.8 ± 0.1 b 103.4 ± 2.7 c 13.0 ± 1.4 c

Note: Within columns, values followed by a different letter are significantly different at p ≤ 0.05 (Tukey’s test).

Figure 3. Tensile strength vs. elongation at break for films produced by twin-screw
extrusion–cast-film extrusion.
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The Young’s modulus increased by ~100% with respect to neat PLA, indicating the stiffness
behavior of the incorporated nanofiller. Reactive blending using MA and L101 to obtain better
compatibilization between PLA and TPCS resulted in a blend with good elongation at break
(~25%) but a ~50% reduction in tensile strength with respect to PLA-c. Similar values have been
previously reported for these blends [17]. The addition of GRH nanoplatelets to the reactive blend
of PLA-g-TPCS resulted in an important improvement in the elongation at break (values larger than
100%), showing an increment of ~300% with respect to PLA-g-TPCS. Values of toughness showed a
significant improvement for PLA-g-TPCS-GRH, around ~900% with respect to PLA-c. Figure 3 insets
are images of the films (PLA-g-TPCS and PLA-g-TPCS-GRH) after the tensile testing. The nanofiller
incorporated did not improve the tensile strength of the reactive blend.

Figure 3 indicates that at least two mechanisms were acting when PLA-g-TPCS-GRH films were
tested: a well-identified yield point and a strain hardening behavior. In Figure 1, the presence of gaps
between the GRH nanoplatelets and the polymer matrix in the fractured surface of PLA-g-TPCS-GRH
could be identified. Furthermore, Figure S2 shows the SEM images of the films after the tensile test.
The cavities generated in the PLA-g-TPCS polymer matrix during the tensile test can be observed,
which could be one of the main reasons for the improvement in the elongation at break (Figure S2b,e).
Due to the incorporation of GRH nanoplatelets, when the material is under tension, the fractures
created in the surface of the polymer matrix could find a free propagation path or a flake of GRH
nanoplatelets. Since the GRH nanoplatelets are stiff materials, in the second case the fracture is forced
to find an alternative path that continues with the propagation of the fracture and breaks the material
during plastic deformation. Thus, an increase of the deformation energy and toughening is observed
due to the addition of GRH, which is finally translated into high values of elongation at break [27,44].

The presence of GRH nanoplatelets, even at a low concentration, is enough to create a
crack-bridging mechanism during tension [45]. This mechanism could increase the fracture toughness
of a nanocomposite, and its efficiency is important when the nanofiller has a high value of aspect
ratio [44]. One of the most significant properties of GRH nanoplatelets is their high aspect ratio.
Since the adhesion of the GRH nanoplatelets to the PLA matrix is strong—as shown in the SEM
images, Figure 1d and Figure S2f,l—and the nanoplatelets can act as a bridge between two fracture
surfaces, they are avoiding or delaying the pullout and thus increasing the fracture energy, as was also
demonstrated for other fillers [44–46].

On the other hand, it has been reported that when PLA was loaded with GRH nanoplatelets
above 0.3 wt %, the elongation at break decreased and that was attributed to the large load of GRH
nanoplatelets restricting the mobility of the polymer chains [42,47]. A high load of GRH nanoplatelets
in a polymer matrix allows for the restack of nanosheets due to a Van der Waals force. As a consequence,
under tension the primary effect will be the slippage of the graphene nanosheets with lower values of
tensile strength [47].

Gao et al. [40] also concluded that the incorporation of graphene nanoplatelets (~15 nm) at a higher
load (e.g., 5 to 10%) reduced the mobility of the PLA chains in the composite and increased its brittle
behavior, which could be attributed to some aggregation of nanoplatelets due to the high concentration.

3.4. Thermal Properties

Figure 4 shows the TGA results for the evaluated samples. No significant difference in onset
decomposition temperature was observed among neat PLA, PLA-g-TPCS, and samples with the
GRH nanoplatelets incorporated into these matrixes; all samples had an onset temperature between
310–320 ◦C. An early change (before the onset temperature) was depicted, mainly due to the presence
of the TPCS phase and the presence of glycerol. The incorporation of a nanofiller has been shown to
enhance composite thermal stability; this was evident for PLA-GRH, but this was not evident for the
addition of GRH nanoplatelets at low load (i.e., 0.1 wt %) in the PLA-g-TPCS blends. Chieng et al. [42],
working with a plasticized PLA reinforced with GRH nanoplatelets, reported a similar value for the
onset decomposition temperature. The addition of a load of GRH nanofiller above 0.5 wt % into the
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PLA matrix was shown to significantly improve thermal stability [42]. The incorporation of GRH
nanoplatelets at higher loads could work as a heat barrier, shifting the decomposition of the composite
to higher temperatures, and also, due to its high aspect ratio, create a barrier for volatile degradation
products present in the nanocomposite [48]. Similar values of onset decomposition temperature (Tonset)
and maximum decomposition temperature (Tdmax) were observed for PLA and the reactive blends
with and without the addition of GRH nanoplatelets (Table 6). Residual values observed are due to the
decomposition of organic matter of TPCS and the formation of ash [49]. A lower residual was observed
for PLA-GRH. This could be associated with the fact that GRH nanoplatelets are thermally conductive,
and thus could improve the loss of residual mass of this blend at high temperature. Additionally,
there is no presence of ash derived from the cassava starch.

Figure 4. Thermogravimetric analysis (TGA) thermograms of the tested samples produced by
twin-screw extrusion–cast-film extrusion.

Table 6. Tg, Tcc, Tm, and Xc from the second heating cycle of differential scanning calorimetry (DSC),
and Tonset and Tdmax from TGA.

Films Tg, ◦C Tcc, ◦C Tm, ◦C Xc, % Tonset,
◦C Tdmax, ◦C

PLA 61.2 ± 0.7 a 93.2 ± 4.2 a 150.6 ± 0.2 a 3.1 ± 0.6 a 318.9 ± 8.4 a 360.8 ± 1.7 a

PLA-g-TPCS 52.3 ± 0.5 b 107.4 ± 0.5 b 143.4 ± 0.3 b 1.2 ± 0.6 a 310.4 ± 6.3 a 359.3 ± 0.4 a

PLA-GRH 61.0 ± 0.0 a 124.0 ± 0.8 c 149.5 ± 0.2 c 2.2 ± 0.6 a 320.1 ± 5.7 a 360.7 ± 0.8 a

PLA-g-TPCS-GRH 57.3 ± 0.1 c 118.8 ± 1.3 c 146.3 ± 0.2d 2.0 ± 0.9 a 309.0 ± 2.7 a 359.9 ± 0.4 a

Note: Within columns, values followed by a different letter are significantly different at p ≤ 0.05 (Tukey’s test).

The DSC results for the second heating cycle are presented in Table 6 and Figure 5. With respect
to PLA-c, reductions in Tg of ~10 ◦C for the reactive blend PLA-g-TPCS and ~5 ◦C for the
reactive blend with GRH nanoplatelets were observed. However, PLA-GRH had a similar Tg to
PLA-c. Valapa et al. [27] also reported that a low content of expandable graphite in PLA composites
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did not affect the Tg, concluding that an incorporation of a low amount of reinforcement does not affect
the mobility and reduction of PLA chains. On the other hand, lower Tg values have been reported
for plasticized PLA nanoreinforced with GRH nanoplatelets [42], although the loads were higher
(0.3 to 1.0 wt %). A similar reduction in Tg has been reported due to the presence of a TPCS phase and
the use of MA and L101 [17]. The incorporation of GRH nanoplatelets in the PLA-g-TPCS increased
its Tg compared with the unreinforced blends; this finding could be correlated with the tensile test
results, whereby the GRH nanoplatelets acted as a reinforcement of the blends, reducing PLA chain
mobility. The reactive blends had lower Tm values in comparison to PLA-c, and this decline could be
associated with the reduction in Mn, which has a larger effect on Tm than on Tg. PLA-GRH exhibited a
small decrease in Tm.

Figure 5. DSC thermograms of the second heating cycle of the tested films; samples were produced by
twin-screw extrusion followed by cast-film extrusion.

The values of crystallization, as determined by the second heating cycle, remained stable for all
of the blends, which are mostly amorphous. The presence of GRH nanoplatelets did not modify the
crystallization behavior of PLA, as observed in Figure S3. A small crystallization peak is shown at
16.4◦ and assigned to the plane (200)/(110) of the α-crystal of PLA, confirming the presence of an
ordered region due to the presence of the nanofiller [32]. However, the blending with TPCS disrupts
the crystallization process, creating two types of crystal forms (α and α’) as previously reported [50],
which are difficult to crystallize. The XRD patterns (Figure S3) exhibited a fully amorphous behavior
for all of the films produced, with a crystallization peak for PLA-GRH at 16.4◦ and a peak showing
the presence of GRH nanoplatelets in PLA-GRH and PLA-g-TPCS-GRH at 26.5◦ (corresponding with
the d002 spacing of graphite). The presence of this peak at 26.5◦ confirms that a high percentage of
GRH nanoplatelets were intercalated in the polymer matrix. The thermal parameters obtained from
the first heating cycle of the DSC (Table S1) showed that the crystallinity of all of the samples was
mostly amorphous.
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Figure 6a shows that the storage moduli, E′, is reduced in the range of 35 to 60 ◦C due to
the addition of TPCS phase concerning the PLA-c, indicating a reduction of the elastic region for
PLA-g-TPCS. The reduction observed for E′ upon the incorporation of GRH in PLA is due to the
increase in toughening and the more plastic behavior of PLA-GRH. The E′ represents the stiffness of
the viscoelasticity of PLA and is proportional to the energy stored during the loading cycle. Since the
addition of GRH improves the Young’s Modulus of PLA-GRH samples and also the toughness of the
samples through the crack-bridging mechanism as previously described, the increase of the Young’s
Modulus is due to the addition of the GRH nanoplatelets (the modulus is around 1 TPa for GRH),
and the simultaneous reduction of E′ is an indication of a less elastic and more plastic deformation
with the temperature of the PLA-GRH sample. This incorporation of GRH into PLA-g-TPCS has less
effect on the reduction of E′ due to the presence of the plastic TPCS phase. With the increment of
temperature after 60 ◦C, a slow decrease is observed for E′ until it reaches the glass transition region
where the drop of E′ is important. Above the glass transition region, the values for E′ are similar
for all of the evaluated samples. An important reduction of E′′ is observed for the reactive blends
with respect to PLA. Thus, the reactive blends showed a tough behavior with less energy dissipated
during deformation.

Figure 6. Dynamic mechanical analysis (DMA) thermograms of films produced by twin-screw
extrusion–cast-film extrusion: (a) E′, storage modulus; (b) E′′, loss modulus; and (c) tan delta.

The Tg values have been reported to be higher when estimated by DMA than by DSC [51].
Nevertheless, the Tg trend observed in the DMA was the same as that observed in the DSC analysis,
with similar values for PLA-c and PLA-GRH and a shift to lower temperatures for PLA-g-TPCS
and PLA-g-TPCS-GRH. This shift is associated with the enhanced chain mobility of PLA due to the
TPCS phase and the plasticizing effect achieved by reactive compatibilization. The plasticization
effect could be described as the softening of the blend due to the presence of the glycerol. However,
the decrease of the tan delta peak with the addition of GRH indicates that the polymer chains during
the transition region are less restricted by the GRH nanoplatelets. Others have suggested that the
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reinforcement due to the addition of GRH nanoplatelets leads to a restriction of the chain mobility of
the polymer [52]. A similar reduction of tan delta peaks was reported by Jonoobi et al. [53] when using
cellulose nanofibers to reinforce PLA.

3.5. Optical Properties of Films

Transmittance of the characterized films is presented in Figure 7. The films can be divided into
two groups. In the first group, comprising PLA-c and PLA-GRH, a ~10% reduction in transmittance
between 250 and 880 nm was observed between the films due to the presence of GRH nanoplatelets.
The films in the second group, PLA-g-TPCS and PLA-g-TPCS-GRH, had similar transmittance values,
but these values were ~75% lower with respect to the first group. This phenomenon is mainly due
to the presence of TPCS in the matrix of PLA-g-TPCS and PLA-g-TPCS-GRH, as can be observed in
Figure S4, and which was discussed previously in terms of the increase of roughness in these films,
as determined by AFM. A full characterization of the color and opacity of the film samples is provided
in Table S2. The incorporation of 0.1% of nanofiller into PLA has shown similar characteristics as those
reflected in this work [27].

Figure 7. Transmittance (%) of film samples produced by twin-screw extrusion–cast-film extrusion.

It is also important to note that the presence of GRH in PLA-GRH and PLA-g-TPCS-GRH plays an
important role in the electrical properties of these materials. The values of electrical resistivity for the
films are provided in Table S3, and indicate that sample conductivity increases with the addition of very
low amounts of GRH nanoplatelets. Higher values of conductivity were reported by Gao et al. [40]
working with higher loads of GRH nanoplatelets (5–15%).

3.6. Barrier Properties to Oxygen and Water Vapor

Table 7 depicts the oxygen and water vapor permeability coefficients for the films tested under
conditions of 30% RH and 23 ◦C. The oxygen permeability coefficients were lower in PLA films
with GRH nanoplatelets, with a further improvement for the reactive blend with GRH nanoplatelets.
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However, no reduction was observed due to the presence of TPCS. The water vapor permeability did
not decline due to the addition of TPCS, perhaps due to the low RH testing condition. Furthermore,
the water vapor permeability coefficient for the reactive blend did not decline due to the addition of the
nanofiller. The presence of GRH nanoplatelets in the films tends to reduce the permeability to oxygen;
nevertheless, due to the low load used, this improvement was not reflected in an important reduction
in permeability coefficient value. The SEM images (Figure 1) showed the formation of flakes with
several GRH nanoplatelets and poor dispersion. This could be one reason for the lack of oxygen barrier
improvement. Research done in this field has demonstrated that the presence of graphene (nanosheets
or nanoplatelets) improves the barrier properties of PLA and PLA blends. Huang et al. [54] presented
three main factors affecting the “tortuosity” for the penetration and diffusion of molecules: (1) the
volume fraction of nanoplatelets; (2) the morphology of the nanoplatelets (e.g., exfoliation, dispersion,
and orientation perpendicular with respect to the direction of diffusion); and (3) the aspect ratio.
Exfoliation of GRH nanosheets was reported to improve the barrier permeability to oxygen on PLA
with a load of 0.1%, but had a negative effect with a load of 0.5%, which could be associated with the
formation of aggregates at high loadings [27]. The presence of GRH nanosheets in PLA/starch blends
was reported by Wu et al. [32], who demonstrated an important improvement in oxygen permeability
for blends with ~30% starch and that were reinforced with 0.1% graphene nanosheets.

Table 7. Barrier properties of films to oxygen and water vapor at 30% relative humidity (RH) and 23 ◦C.

Films
O2 Permeability Coefficient P × 1017

(kg·m·m−2·s−1·Pa−1)
Water Vapor Permeability Coefficient P × 1014

(kg·m·m−2·s−1·Pa−1)

PLA 2.2 ± 0.2 a 6.6 ± 0.8 a

PLA-g-TPCS 2.0 ± 0.1 a 6.6 ± 0.3 a

PLA-GRH 1.4 ± 0.1 b 6.1 ± 0.1 a

PLA-g-TPCS-GRH 0.9 ± 0.4 c 6.1 ± 0.7 a

Note: Within columns, values followed by a different letter are significantly different at p ≤ 0.05 (Tukey’s test).

4. Conclusions

Reactive functionalization of GRH nanoplatelets in the compatibilized matrix of PLA and
thermoplastic cassava starch (TPCS) resulted in a significant improvement in elongation at break.
The presence of GRH nanoplatelets in the PLA-g-TPCS reactive blend increased their toughness,
with an improvement of ~900% and ~500% when compared to neat PLA and PLA-g-TPCS, respectively.
GRH nanoplatelets in the reactive blend of PLA-g-TPCS were mainly located in the interface and were
agglomerated in several flakes. The mechanism of crack bridging was identified as being responsible
for the improvement in elongation at break for the reactive blends and the increase in the Young’s
modulus for PLA with the addition of GRH nanoplatelets. The use of two-step extrusion resulted
in a large reduction, and hence a negative effect, on the molecular weight of PLA. Using a one-step
processing condition could significantly improve the Mw for PLA-g-TPCS and PLA-g-TPCS-GRH.
Production of the reactive blends by using a twin-screw extruder and a sheet film die adapted at the end
of the extruder should be explored to scale this blend. Surface roughness was greater for the reactive
blends with and without GRH. Transmittance decreased for the reactive blends with and without GRH
in the UV-visible range, mainly due to the presence of the starch phase. Nevertheless, the reactive
blends are still acceptable for see-through applications. Oxygen barrier properties improved with the
addition of GRH nanoplatelets to PLA-c and PLA-g-TPCS. However, water barrier properties did not
improve with the addition of GRH nanoplatelets; one of the main reasons could be the scarce exfoliation
and orientation achieved. Moreover, the formation of flakes of GRH nanoplatelets in the polymer
matrix could be diminishing the ability to create a tortuous path. Future work will focus on improving
the barrier properties of these reactive blends with GRH nanoplatelets as a nanofiller reinforcement.
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Supplementary Materials: The XRD characterization, color, opacity, and electrical resistivity of the films are
available online at www.mdpi.com/2073-4360/10/1/95/s1, Table S1: Tg, Tcc, Tm, and Xc from the first heating
cycle of DSC; Table S2: Values of optical properties of films produced by TSE-CF; Table S3: Resistivity of film
samples; Figure S1: SEM images of graphene nanoplatelets powder used as reinforcement for production of the
nanocomposites; Figure S2: SEM images of film samples before and after tensile test, evaluated in cross direction
(CD) and machine direction (MD); Figure S3: XRD patterns obtained after tensile testing of film samples produced
by twin-screw extrusion–cast-film extrusion; Figure S4: Picture of film samples produced by twin-screw extrusion
followed by cast-film extrusion.
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Abstract: This paper reports the surface treatment of layered double hydroxide (LDH) by using ionic
liquid (IL) composed of phosphonium cation combined with 2-ethylhexanoate (EHT) counter anion
as surfactant agent. Then, different amounts (1, 3, 5 and 7 wt %) of thermally stable organically
modified LDH (up to 350 ◦C) denoted LDH-EHT were incorporated into polycaprolactone (PCL)
matrix by mechanical milling. The influence of LDH-EHT loading has been investigated on the
physical properties, such as the thermal and barrier properties, as well as the morphologies of
the resulting nanocomposites. Thus, intercalated or microcomposite morphologies were obtained
depending on the LDH-EHT loading, leading to significant reduction of the diffusion coefficient
respect to water vapor. The modulation of barrier properties, using low functionalized filler amount,
is a very important aspect for materials in packaging applications.

Keywords: polycaprolactone; layered double hydroxides; ionic liquids

1. Introduction

In the last decade, layered double hydroxides (LDHs) have received great attention from industry
and academia. Their structure is similar to that of brucite where Mg atoms are octahedrally coordinated
to six oxygen atoms belonging to six groups of –OH; each –OH group is, in turn, shared by three
octahedral cations and points the hydrogen atom to the interlayer space. When cations of Mg(II)
are isomorphously replaced by cations of Al(III), the substitution generates positive charges that
are counterbalanced by the presence of counter ions, generally CO3

2−, Cl−, and NO3
−, located in

the interlamellar regions. The possibility to substitute these anions by ionic exchange procedures
makes the hydrotalcites ideal solids to be used as host of potentially active molecules having a
negative charge. LDHs have high level of purity and can be produced using simple procedures.
They have been used as active filler for polymers and biopolymers for their capability of hosting
active molecules [1–7], as catalysts for reactions [8,9], for the synthesis of polymers [10] and as
surfactant adsorbents [11]. The exchange of the counter ions between the layers is not easy, therefore
the modification of carbonated LDHs is generally carried out by calcination followed by immersion in
a medium containing anions to be intercalated [12,13]. Very recently, ionic liquids (ILs) are attracting
interest from several areas of basic and applied sciences, including chemistry, materials science,
chemical engineering, and environmental science [14]. They are organic salts with low melting points
(below 100 ◦C) based mainly on ammonium, imidazolium, pyridinium or phosphonium ILs combined
with different counter anions such as halides, tetrafluoroborate (BF4

−), hexafluorophosphate (PF6
−),

bistriflamide (TFSA), etc. ILs are considered as potentially environmentally friendly solvents having

Polymers 2018, 10, 44; doi:10.3390/polym10010044 www.mdpi.com/journal/polymers230
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low volatility, low flammability, good chemical and thermal stabilities, and compatibility with organic
and inorganic materials [15]. These characteristics make them a class of very versatile compounds.
In fact, they have been used for organic synthesis [16], bio-processing operations, catalysis and gas
separation [17], and inhibitors for the corrosion of magnesium alloys [18]. Recently, ILs have also
been proposed as plasticizers, lubricants, structuring agents, or compatibilizing agents in several
polymers [19–24]. They can also be used to overcome the low thermal stability of ammonium salts
commonly used as organic modifiers of layered silicates, such as montmorillonites, that are used
to enhance compatibility and dispersion of inorganic phases in organic media [25–28]. The hybrid
organic-ionic nature of ILs and the ability to control their hydrophilic and lipophilic counterparts
through proper selection of the constituent ions give rise to a complex set of phenomena, creating an
area of study that is both fascinating and challenging. While attention has been devoted to ILs based on
quaternary nitrogen, studies related to ILs based on quaternary phosphorous cations are still few. It has
been demonstrated that some phosphonium based ILs have better properties than nitrogen-based
ILs, [29,30]. In fact, research on nanocomposites containing clay minerals modified with phosphonium
based ILs has recently increased [31–33]. In 2013, Bugatti et al. have developed a new method to
deposit ionic liquid-modified LDHs on PLA films previously treated by plasma treatment leading
to an increase of the water barrier properties of 30%. Recently, Kredatusova et al. have worked on
the surface treatment of LDH by phosphonium ILs and they have used an environmentally friendly
route based on microwave irradiation. Thus, they have demonstrated that the use of phosphonium
ILs as surfactant agents of LDH induced an exfoliation morphology in polycaprolactone matrix.
More recently, other authors have demonstrated that the incorporation of LDH-ILs into poly(butylene
adipate-co-terephthalate) matrix led to a significant increase of its mechanical performances, especially
of the stiffness without reducing the fracture behavior of the polymer matrix [34].

In a previous paper, we incorporated the LDH modified with trihexyl(tetradecyl)phosphonium
2-ethylhexanoate into a pectin matrix [35] for potential in biodegradable food packaging applications.
Pectins are natural materials with no melting point, but high degradation temperature, and with
high brittleness and poor elongation at break. These properties make them unable to be applied in
flexible packaging. Poly(ε-caprolactone) (PCL) being a biodegradable polyester with low melting point
and very high elongation at break but low elastic modulus appears one of the best candidate to be
blended with pectins. The compatibilization between the two phases can be enhanced by the very
wide chemistry of ionic liquids; in addition, also LDH can be considered an interesting filler hosting
either ILs, either active molecules with peculiar functionalities. The aim of the present work is, then,
to investigate the potential of layered double hydroxide modified with a phosphonium ionic liquid
denoted trihexyltetradecylphosphonium 2-ethylhexanoate in PCL matrix for possible food packaging
applications. In addition, the influence of the amount of modified LDHs will be evaluated on the
morphologies but also in terms of thermal stability, surface analysis and barrier properties.

2. Experimental

2.1. Materials

Poly (ε-caprolactone) (PCL) Mn 80,000 was supplied from Sigma Aldrich (Milano, Italy). It was
reduced in powder form in a mechanical mixer in presence of liquid nitrogen. A LDH (aluminum
magnesium hydroxy carbonate), denoted PURAL® MG 63 HT, was chosen as pristine anionic clay
and was provided by Sasol Performance Chemicals (Hamburg, Germany). The IL, coded as IL-EHT,
based on trihexyltetradecylphosphonium cation associated with 2-ethylhexanoate counter anion was
kindly provided by Cytec Industries Inc. (Thorold, ON, Canada).

2.2. LDH-Ionic Liquid Preparation

According to the literature, two steps are required: (i) calcination of the pristine LDH at 500 ◦C
for 24 h; and (ii) LDH and 2 AEC (anion exchange capacity) of phosphonium ILs dispersion in 200 mL
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of deionized water/tetrahydrofuran (THF) mixture (300/100 mL) [33,36,37]. The suspensions were
stirred and mixed at 60 ◦C for 24 h. The resulting precipitate was filtered and washed 5 times with
THF. The residual solvent was removed by evaporation under vacuum and finally, the treated LDH
was dried overnight at 80 ◦C. From the thermogravimetric analysis TGA (see inset of Figure 4) the
amount of physisorbed and intercalated water (25–220 ◦C) is ∼=15 wt %, the amount of carbonate anion
and IL (250–500 ◦C) is ∼=25 wt % and the amount of LDH (>500 ◦C) into the LDH-EHT is ∼=60 wt %.
The phosphonium ionic liquid used for the surface treatment and the following abbreviation used to
designate the LDH-IL are summarized in Table 1.

Table 1. Designation of the phosphonium ionic liquid (IL) used for the modification of LDH.

Ionic Liquid Chemical Structure Code

Trihexyl(tetradecyl)phosphonium 2-ethylhexanoate EHT

2.3. Composite Films Preparation

The incorporation of the filler into PCL was achieved by High Energy Ball Milling (HEBM)
method. Powders composed of PCL and filler (vacuum dried for 24 h) were milled at different filler
loading (i.e., 1, 3, 5, and 7 wt %) at room temperature in a Retsch (Haan, Germany) centrifugal ball
mill (model S 100). The powders were milled in a cylindrical steel jar of 50 cm3 with 5 steel balls of
10 mm of diameter. The rotation speed used was 580 rpm. and the milling time was 60 min. The pure
PCL, taken as reference, was milled in the same experimental conditions of the composites. The milled
powders, were molded in a Carver laboratory press between two Teflon sheets, at 100 ◦C, followed by
a quick cooling at ambient temperature. Films 150 μm thick were obtained and analyzed.

2.4. Methods of Investigation

Wide-angle X-ray diffraction spectra (WAXD) were collected on a Bruker D8 Advance X-ray
diffractometer (Karlsruhe, Germany). A bent quartz monochromator was used to select the Cu
Kα1 radiation (k = 0.15406 nm) and run under operating conditions of 45 mA and 33 kV in Bragg-
Brentano geometry.

Transmission electron microscopy (TEM) was carried out using a Philips CM 120 field emission
scanning electron microscope (Philips, Eindhoven, The Netherlands) with an accelerating voltage
of 80 kV. The samples were cut using an ultramicrotome equipped with a diamond knife, to obtain
60-nm-thick ultrathin sections. Then, the sections were set on copper grids.

Thermo Gravimetric Analysis (TGA) was carried out with a Mettler TC-10 thermobalance (Novate
Milanese, Italy) from 25 ◦C to 600 ◦C at a heating rate of 10 ◦C/min under an air flow.

Differential scanning calorimetry (DSC) were carried out using by means of a DTA Mettler Toledo
(DSC 30, GmbH, Greifensee, Switzerland) under nitrogen atmosphere. The films were heated from
25 ◦C to 100 ◦C at a heating rate of 10 ◦C/min.

Fourier transform infrared (FTIR) absorption spectra were recorded by a Perkin-Elmer spectrometer
(Bruker Italia, Milano, Italy), model Vertex 70 (average of 32 scans, at a resolution of 4 cm−1). Composite
films, having the same thickness (∼=150 μm) were analyzed. The LDH-P2 filler was analyzed in powder
form after preparing a KBr based tablet (~1 mg of filler sample and ~100 mg of KBr).

Diffusion coefficients were evaluated, using the microgravimetric method, at different vapor
activities (a = P/P0), where P is the actual pressure to which the sample was exposed, and P0 the
saturation pressure at the test temperature. The penetrant was water vapor and the experiments were
conducted at 30 ◦C. The transport properties were measured with water vapor in a range of activities
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from 0.2 to 0.6. Measuring the increase of weight with time for the samples exposed to the vapor at
a given partial pressure, P, both the equilibrium value of the sorbed vapor, Ceq (g/100 g), and the
diffusion coefficient, D, were obtained.

Surface energies were determined with the sessile drop method using a Contact Angle System
OCA, Dataphysics® (DataPhysics Instruments GmbH, Filderstadt, Germany). From contact angle
measurements with water and diiodomethane as test liquids, the polar and dispersive components of
surface energy were determined using the Owens-Wendt theory [38].

3. Results and Discussion

3.1. Morphologies of PCL/LDH Nanocomposites

Figure 1 shows the TEM micrographs evaluated on all composites. Two types of morphologies
have been observed. For PCL containing 1 and 3 wt % of LDH-EHT, a homogenous dispersion of LDH
has been obtained with the presence of small tactoïds. When enlargements at 500 and 200 nm have
been performed, the majority of tactoïds have sizes less than 500 nm combined with the presence of few
individual platelets. In the opposite, an increase of the amount of LDH-EHT (5 and 7 wt %) induced the
formation of agglomerates but also a less homogeneous dispersion. In both cases, a microcomposite
morphology is obtained for PCL containing 1, 3, 5 and 7 wt % of LDH-EHT.

Figure 2 reports the XRD spectra of PCL film and composites filled with LDH-EHT at different
loading. The inset reports the spectrum of the LDH-EHT. In a previous work, we have observed
by XRD that the surface treatment of LDH by phosphonium ILs highlighted only one diffraction
peak at 2θ = 11.6◦ corresponding to a basal spacing of 7.7 Å [33]. This result showed no influence
of the intercalation of IL between clay layers and corresponded to the basal spacing of the pristine
LDH. According to the literature, the absorption of the carbonate anions takes place during the
surface treatment [33]. In addition, these results can be explained by the presence of short alkyl
chains (< 12 carbons) on the anion leading to a planar configuration such as monolayer type. Indeed,
Lagaly and Weiss have demonstrated on MMT that the surfactant chain length plays a key role
on the different arrangements of organic salts between the clay layers [39,40]. In this work, the
2-ethylhexanoate counter anion is only composed of six carbons and one carbonyl bond (C=O). The
carbonate anion also has only one carbonyl bond, and if IL-EHT assumes a planar configuration, no
difference can be observed by XRD. The neat PCL matrix and the resulting nanocomposites containing
different amounts of LDH-EHT i.e., 1, 3, 5 and 7 wt % exhibit different diffraction peaks. In fact, the
diffraction peaks observed at 2θ = 21.2◦, 21.8◦ and 23.5◦, corresponding to basal spacing of 4.2 Å,
4.1Å, and 3.8 Å, respectively, are attributed to the crystallinity of the polycaprolactone, whereas the
diffraction peak observed at 2θ = 11.6◦ is characteristic of the basal spacing of the pristine LDH,
suggesting an aggregation of the LDH-EHT into the polymer matrix. These results clearly confirm the
morphologies obtained by transmission electron microscopy (Figure 1).
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Figure 1. TEM micrographs of: (a) PCL + 1% LDH-EHT; (b) PCL + 3% LDH-EHT; (c) PCL + 5%
LDH-EHT; and (d) PCL + 7% LDH-EHT.
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Figure 2. XRD spectra of: PCL (a); PCL/1% LDH-EHT (b); PCL/3% LDH-EHT (c); PCL/5% LDH-EHT
(d); and PCL/7% LDH-EHT (e). Inset reports the XRD spectrum of LDH-EHT.
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Figure 3A reports the FTIR spectra, in the range 530–580 cm−1, of PCL and composites at different
filler loading, evaluated on films having the same thickness (150 μm). The inset reports the spectrum
of pure LDH-EHT. In this range, PCL does not show any peak, while, for LDH, the band at 553 cm−1 is
assigned to translation modes of the hydroxyl groups mainly influenced by the trivalent aluminum [41].
Figure 3B reports the absorbance at 553 cm−1 as function of filler amount. It is evident that the
absorbance at 553 cm−1 is linear with the filler loading, making this technique a useful tool for
quantitative analysis.
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Figure 3. (A) FTIR spectra, in the range 530–580 cm−1, of: PCL (a); PCL/1% LDH-EHT (b); PCL/3%
LDH-EHT (c); PCL/5% LDH-EHT (d); and PCL/7% LDH-EHT (e). The inset reports the spectrum of
pure LDH-EHT. (B) Absorbance at 553 cm−1 as a function of LDH-EHT (wt %).

3.2. Thermal Properties of PCL/LDH Nanocomposites

Figure 4 reports the TGA analysis evaluated on all the PCL composites. PCL is also reported for
comparison. The inset of Figure 4 reports the TGA of the hybrid LDH-EHT.

The use of IL-EHT as surfactant agent of LDH generated different TGA profile of pristine LDH
with the formation of two degradation peaks at 317 ◦C and 398 ◦C compared to 310 ◦C and 430 ◦C
for LDH intercalated by carbonate counter anion. These results suggested the combined presence of
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carbonate and 2-ethylhexanoate counter anions which confirm XRD results. These results are consistent
with the study where Kredatusova et al. showed by FTIR and XPS the presence of this IL onto the clay
surface but also into the clay layers [33].
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Figure 4. TGA analysis in air evaluated: PCL (a); PCL/1% LDH-EHT (b); PCL/3% LDH-EHT (c);
PCL/5% LDH-EHT (d); and PCL/7% LDH-EHT (e). The inset reports the TGA on LDH-EHT.

The degradation of PCL occurs in two steps: The first one implies a statistical rupture of the
polyester chains via ester pyrolysis reaction with production of 5-hexenoic acid, H2O and CO2.
The second step leads to the formation of ε-caprolactone (cyclic monomer) as result of an unzipping
depolymerization process [42]. The first degradation step is slightly anticipated in the composites, and
the second step occurs around the temperature of degradation of unfilled PCL. This can be due either
to the presence of LDH-EHT which starts to decompose at a lower temperature, or to the decrease
of molecular weight of PCL for the milling treatment [43]. To better demonstrate this assumption,
we submitted the PCL to the same milling processing of the composites and evaluated the Mw, by GPC
analysis. We found a decreasing of Mw from 195 KDa of the unmilled PCL to 120 KDa of milled
material. Table 2 reports the T10% and T50% of weight loss for all samples. In addition, different
authors have demonstrated that the presence of water between LDH layers combined to the formation
of metal oxides during the heating of hydrotalcite could accelerate the degradation of the polymer
matrix [44,45]. In addition, the low thermal stability of the IL-EHT physisorbed on the LDH (around
340 ◦C) can also be explained an advanced degradation of the polymer matrix and highlighted by
Xanthos et al. on a PLA matrix [46].

Table 2. Temperature at 10% and 50% of weight loss, extracted from TGA analysis (Figure 4).

Sample T10%weight loss (◦C) T50%weight loss (◦C)

PCL 327 385
PCL + 1% LDH-EHT 320 359
PCL + 3% LDH-EHT 315 343
PCL + 5% LDH-EHT 317 348
PCL + 7% LDH-EHT 307 344
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3.3. Surface Analysis and Transport Properties of PCL/LDH Nanocomposites

According to the literature, it is well-known that the presence of ionic liquids into polymer matrix
has a significant influence on the hydrophobic behavior of the polymer materials [21,24]. In a previous
work, Livi et al. have demonstrated that the incorporation of only 2 wt % of ILs into PBAT matrix
generated a significant increase of the water barrier properties due to the hydrophobic nature of
phosphonium ionic liquids determined by Coutinho et al. [47,48]. In other works, the same authors
have also demonstrated that the use of ILs as additives of epoxy networks induced a significant
decrease of the polar component leading to more hydrophobic networks [49]. Thus, to determine the
impact of the LDH-EHT on the surface energies of the polymer nanocomposites, the contact angles and
surface energy on the neat polycaprolactone and the resulting nanocomposites containing 1, 3, 5 and
7 wt % of LDH-EHT determined by the sessile drop method are summarized in Table 3. Whatever the
amount of LDH-EHT introduced into PCL matrix, similar values of surface energies were obtained
between 30.8 and 33.5 mN/m. However, differences were observed concerning the values of the
polar components. In fact, the incorporation of 1 and 3 wt % of organically modified LDH induced
decreases in the polar component from 5 mN/m (neat PCL) to 0.4 mN/m (1 wt % LDH-EHT) and
0.8 mN/m (3 wt % LDH-EHT). These results confirm the presence of IL-EHT in the surface of LDHs
and a homogeneous dispersion of the LDH-EHT, as seen on TEM micrographs (Figure 1). According to
the literature, this decrease of the polar component is explained by the hydrophobic nature of IL-EHT
functionalized by long alkyl chains [49,50]. Thus, different authors have demonstrated that the use of
phosphonium IL as additives or surfactant agents of layered silicates such as montmorillonite (MMT)
induced a significant reduction of the polar component [24]. Then, for PCL containing 5 and 7 wt % of
the LDH-EHT, an increase in the polar component is observed (0.4 mN/m to 3.3 mN/m). These results
can be explained by an increase of the amount of LDH-EHT. In fact, we have previously demonstrated
by TGA that LDH-EHT contained 15 wt % of physisorbed and intercalated water. Consequently, an
increase in the modified clays resulted in a slight decrease in the hydrophobicity of the PCL matrix
through the polar component.

Table 3. Polar and dispersive components of the surface energy on the neat PCL and the resulting
nanocomposites, from contact angles with water and diiodomethane at room temperature.

Sample θwater (◦) θCH2I2
(◦)

Surface Energy
(mN/m)

Dispersive
Component (mN/m)

Polar Component
(mN/m)

PCL 77 ± 3 62 ± 0.4 30.8 26.1 4.7
PCL + 1% LDH-EHT 113 ± 11 62 ± 2.4 31.6 31.2 0.4
PCL + 3% LDH-EHT 106 ± 3 52 ± 1.8 33.1 32.3 0.8
PCL + 5% LDH-EHT 87 ± 4 49 ± 0.5 33.2 31.0 2.2
PCL + 7% LDH-EHT 85 ± 3 50 ± 3.6 33.5 30.2 3.3

The transport phenomena of small molecular weight molecules, such as water vapor, through
polymeric multiphase systems are strictly influenced by the texture of the materials. In the case of
composites, the dispersed phase is expected to play a significant role for the diffusion of the penetrating
molecules [26]. Figure 5A reports the diffusion coefficient, D (cm2/s), as function of Ceq (g/100 g) of
water vapour for PCL and the analyzed composites. A linear dependence of the diffusion with respect
the equilibrium water sorption can be observed for all samples. It is, then, possible to extrapolate the
thermodynamic diffusion coefficient, D0, using the following empirical equation:

D = D0 exp
(
γ Ceq

)
(1)

The thermodynamic diffusion coefficient is related to the fractional free volume and the tortuosity
of the pathway. D0 was extrapolated for all the samples according to Equation (1). The log D0 versus
filler loading is reported in Figure 5B. It is evident a significant decrease of the thermodynamic diffusion
coefficient, even with 1 wt % of filler, a smooth decreasing going from 1 wt % to 3 wt % and a quite
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linear decreasing up to 7 wt % of filler loading. In XRD analysis, it was observed that the crystalline
form of PCL is the same of the composites, and the degree of crystallinity, evaluated by DSC analysis,
and here not reported is almost the same in unfilled sample and composites and ranges between 47%
and 52%. The decreasing of the diffusion cannot be ascribed, then, to an increasing of crystallinity
degree. The presence of the filler increases to a large extent the tortuosity of the pathway, leading
to a decreasing in the diffusion. It is worth noticing that, already at 1 wt % of filler, the diffusion
decreases of more than one order of magnitude. We have also attributed these results to the presence
of IL into LDH. In fact, Coutinho et al. have investigated the effect of water on imidazolium and
phosphonium ionic liquids combined with different counter anions [48,51]. For a small amount of
water, the authors have highlighted a migration of the water to the near surface of IL inducing the
formation of hydrogen bonding’s with the counter anion. Oppositely, the use of extra water led to the
formation of water clusters generating an increase of the surface tension of the neat ILs. By sessile drop
method, we have observed an increase of the polar component from 3 wt % of LDH-EHT incorporated
in the PCL matrix. Based on these different results and the obtained diffusion coefficients, we can
suggest that the presence of only 1 wt % of IL modified-LDH in the polymer matrix can capture/slow
water molecules through hydrogen-bonding interactions with the counter anion of IL-EHT. However,
an increase in the amount of LDH-EHT containing up to 15 wt % of water generates a progressive
formation of water clusters thus reducing the effect of the ionic liquid in favor of the dispersion of
LDH, especially from 3 wt % to 5 wt % where the formation of well-dispersed aggregates into PCL
matrix helps to increase the tortuosity of the pathway.
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Figure 5. (A) The diffusion coefficient, D (cm2/s), as function of Ceq (g/100 g) of water vapor for: PCL

( ); PCL/1% LDH-EHT ( ); PCL/3% LDH-EHT (�); PCL/5% LDH-EHT (�); and PCL/7% LDH-EHT
( ); and (B) the log D0 as function of filler (LDH-EHT) loading (wt %).

4. Concluding Remarks

In this work, thermally stable organically modified hydrotalcite were prepared by using one
phosphonium ionic liquid as modifier agent and were used as nanoparticles in PCL matrix. Then,
different amounts of the LDH-EHT (1, 3, 5, 7 wt %) were introduced and their influence was
investigated on the morphologies and the final properties of the polymer matrix. Two tendencies were
observed in function of the quantity of LDH-EHT. For PCL containing 1 and 3 wt % of treated LDH,
a homogeneous dispersion was obtained with the presence of small tactoïds leading to a significant
decrease of the diffusion coefficient of water vapor, as well as a significant decrease of the polar
component from 5 mN/m to 0.4 mN/m. Oppositely, an increase in the amount of LDH induced
a microcomposite morphology characterized by the formation of large agglomerates. Moreover,
whatever the amount of LDH-EHT incorporated into PCL matrix, a reduction of the thermal stability

238



Polymers 2018, 10, 44

of the PCL nanocomposites was demonstrated. In summary, the use of small quantities of LDH has a
significant impact on the water barrier properties of the polymer matrix opening up new potential
prospects in food packaging.
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Abstract: Three-dimensional printing/additive manufacturing (3DP/AM) for tissue engineering and
regenerative medicine (TE/RM) applications is a multifaceted research area encompassing biology,
material science, engineering, and the clinical sciences. Although being quite mature as a research
area, only a handful of clinical cases have been reported and even fewer commercial products
have made it to the market. The regulatory pathway and costs associated with the introduction
of bioresorbable materials for TE/RM have proven difficult to overcome, but greater access to
3DP/AM has spurred interest in the processing and availability of existing and new bioresorbable
materials. For this purpose, herein, we introduce a series of medical-grade filaments for fused
deposition modelling/fused filament fabrication (FDM/FFF) based on established and Federal
Drug Administration (FDA)-approved polymers. Manufacturability, mechanical characterization,
and accelerated degradation studies have been conducted to evaluate the suitability of each
material for TE/RM applications. The comparative data serves to introduce these materials,
as well as a benchmark to evaluate their potential in hard and soft tissue engineering from
a physicochemical perspective.

Keywords: tissue engineering and regenerative medicine; bioresorbable polymers; 3D printing/
additive manufacturing; fused filament fabrication/fused deposition modelling; degradation;
physicochemical characterization

1. Introduction

Three-dimensional printing (3DP) has established itself as a robust and effective technology for
the manufacturing of highly controlled micro- and macro-scale structures that are suitable for use as
tissue-engineered constructs (TECs). In combination with computer-aided drafting (CAD) and finite
element modelling (FEM), custom TECs with tunable and pre-designed porous networks providing the
necessary structural support that is required for defect repair and tissue regeneration can be realized.
Rapid and precise fabrication of mechanically-analogous three-dimensional (3D) microenvironments
make this technique most attractive. Not solely as a tool for controllable 3D architecture, but with
the introduction and availability of high quality and traceable materials, spatiotemporal controlled
delivery of biomolecular agents are feasible when compared to conventional manufacturing methods.
Therefore, 3DP is a leading technology in both tissue engineering and drug delivery.

Fused-deposition modelling/fused filament fabrication (FDM/FFF) is one of the most common
and accessible 3DP technologies. FDM/FFF is an additive manufacturing technology that is based
on melt extrusion of thermoplastic polymers with ordered deposition in a layer-by-layer fashion.
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With increasing interest in 3DP as a direct manufacturing technology, global demands for synthetic and
natural materials with 3DP processability is a fast growing and untapped market. Although a plethora
of single material and composite filaments are commercially available, the regulatory quality
assurance/quality controls necessary for implantable 3DP medical devices from thermoplastic
precursor filaments have limited translation to the clinic with few entities in pursuit of this burgeoning
market. Therefore, the climate is ripe for the introduction of medical-grade 3DP thermoplastic
filaments materials requiring thorough characterization of their potential in tissue engineering and
regenerative medicine (TE&RM) applications. Thermoplastic polyesters and polyethers are good
candidate materials for 3DP, owing to their high tunability with respect to melt properties, a unique
property that is not typically seen in natural polymers where heating results in aloss of bioactivity
and structural integrity. A uniform viscose flow and proper cooling rates is associated with the
melting temperature, purity, molecular weight, and degree of crystallinity are important factors that
are necessary for high resolution and reproducible printing of FDM/FFF 3D TECs.

TECs should exhibit physicochemical and mechanical properties suitable for initial tissue
engraftment and maturation through the modulation of cell behavior, including mechanotransduction
during TEC degradation. Cell-material interactions are complex where mechanical stimuli in the form
of local deformation of binding receptors influence intracellular pathways leading to the promotion or
inhibition of tissue growth [1,2]. Soft tissues, including adipose tissue, exhibit mechanoresponsiveness
where adipogenesis is enhanced in the presence of static stretching, but impeded under static
compression, as well as under dynamic loading [3]. In the case of bone TE&RM, bone deposition
and resorption are mutually-exclusive events that are modulated by mechanical stimulation of the
tissue [4,5]. According to the minimum effective strains (MES) hypothesis, applied strains greater than
MES causes the adaptation of bone density and architectures, while strain below MES does not produce
any change [6]. When considering the clinical application of 3D printed TECs, biomaterial selection
and TEC architecture should be designed to withstand local deformation within the physiological
range necessary for tissue deposition. The fundamental characteristics of the bulk material, the overall
geometry of the TEC and the internal geometry synergistically regulate strain distribution on the TECs
and, subsequently, the local deformation of microenvironments.

In addition to the structural contributions of 3D printed TECs, physicochemical changes of the
structure, and, ultimately, the material during degradation, is another important aspect when designing
TECs for TE&RM. Ideally, the rate of degradation and strength loss should be proportional to the
rate of tissue growth [7]. As a TEC degrades, a loss in mechanical properties ensues and the rate of
this action is a necessary consideration when designing TECs that inherently experience high stress.
The rate of degradation and subsequent strength loss is an important design parameter for TE&RM
research. Structural and mechanical integrity should remain during tissue remodelling, especially for
large volume applications. As previously stated, the function of a scaffold is not only as a mechanical
support, but also to serve as a substrate for tissue engraftment and remodelling.

Accelerated degradation of is a widely accepted method to study in vitro physiochemical
changes of polymers [8]. The degradation rate of synthetic polyester and polyether polymers
can vary from days-to-months, while accelerated degradation provides short-term degradation
profiles, which makes it a time and cost effective method to evaluate and characterize materials
in vitro [9–11]. In vivo degradation of large molecular chains predominantly begins and proceeds
by the hydrolysis of amorphous regions and short chains in the polymer backbone, rather than
through enzymatic degradation [12]. Utilizing alkaline medium, including sodium hydroxide (NaOH)
solutions, which is rich in hydroxyl (–OH) groups, increases hydrolysis and serves as a comparable
method for in vivo conditions [13].

In the current study, we have extensively characterized four new medical-grade filaments
(Dioxaprene® 100 M, Max-Prene® 955, Lactoprene® 100 M, CapropreneTM 100 M kindly donated by
Poly-Med, Inc., Anderson, SC, USA) for 3D printability. More importantly, the effects of degradation
on physicochemical properties have been evaluated, with special emphasis on mechanical properties.
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We have assessed these materials for printability via FDM/FFF by optimizing material-specific
printing parameters, as shown in Table 1, as well as undertaken a comprehensive study characterizing
physicochemical changes of 3D printed structures via accelerated degradation in alkaline conditions.
Thermal analyses were also conducted to elucidate melt and flow properties for the optimization
of printing temperature. In addition to melt behavior, thermal analysis allows for a better
understanding of the morphology of macromolecular chains and re-crystallization of absorbable
polymers. We conclude with a discussion wherein appropriate applications for each group of material
is suggested based on degradation rate and strength loss.

Table 1. Optimized printing parameters.

Material Temperature (◦C) Feed-Rate (mm/min) Layer Height (mm)

DIO 120 1800 0.2
CAP 120 1800 0.2
LAC 192 1350 0.2
MAX 210 1800 0.16

2. Materials and Methods

2.1. Materials

Dioxaprene® 100 M (DIO), CapropreneTM 100 M (CAP), Lactoprene® 100 M (LAC), Max-Prene®

955 (MAX) were kindly donated by Poly-Med, Inc. (Poly-Med, Inc., Anderson, SC, USA). All of the
materials were stored in a low humidity cabinet to minimize moisture absorption. Sodium hydroxide
(NaOH, Mw = 40.00, Sigma-Aldrich, St. Louis, MO, USA) solutions of 1 M and 5 M were prepared
with ultrapure water and used in all experiments.

2.2. Printing 3D Scaffolds

A series of 10 mm × 10 mm × 5 mm models were designed in SolidWorks (Dassault Systemes,
Waltham, MA, USA) and the resultant computer-aided design (CAD) file was prepared for 3D
printing by conversion to a computer numerical control file by Simplify3D® (Blue Ash, OH, USA).
Next, the models were printed using a FlashForge Dreamer table-top FDM/FFF printer (FlashForge,
Jinhua, China) at varying infill densities of: 10%, 20%, and 40%, respectively.

Infill density is a printing parameter that is related to the number of printed fibers comprising the
internal architecture of the printed part. The porosity for each infill density was calculated as the ratio
of actual volume to bulk volume using the following formula, where Vb is the bulk volume and Vt is
the true volume.

ρ =
Vb − Vt

Vb
× 100 (1)

Actual volume was calculated as the mass ratio between the printed scaffold and bulk density of
the material, as determined by the volume of the rectangular geometry (Table 2).
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Table 2. The porosity and pore size for three infill densities. Data is represented as mean ± SD (n = 5).

Infill Density (%) Porosity (%) Pore Size (mm)

10 86.9 ± 2.5 2.19 ± 0.05
20 75 ± 4.5 1.01 ± 0.02
40 53.2 ± 3.1 0.37 ± 0.02

2.3. Degradation

Accelerated degradation was conducted for porous scaffolds using NaOH as the hydrolysis
medium. A 1 M NaOH solution was used to study degradation for all four materials. Due to the
slow degradation rate of PCL in 1 M NaOH, a higher concentration (5 M NaOH) was employed.
The samples were immersed into NaOH and incubated at 37 ◦C, 5% CO2. At each respective time
point, degraded samples were rinsed with deionized water (3×) and dried under vacuum at 40 ◦C for
8 h. Mass loss was calculated as the ratio of residual mass (Wr) and initial mass (W0), according to the
general formula.

WL% =
W0 − Wr

W0
% (2)

2.4. Scanning Electron Microscopy

The microstructure of pristine and degraded samples were analysed by scanning electron
microscopy (SEM, JSM-7001F, JEOL Ltd., Tokyo, Japan). For cross-sectional views, samples were
flash frozen in liquid nitrogen (5 min) and cut. All of the samples were gold sputter-coated using
a JEOL fine sputter coater (JFC-1200, JEOL Ltd., Tokyo, Japan) for 75 s at 8 mA current and observed
under vacuum at 2 KV accelerating voltage. Scaffold pore size was determined by measuring 10 fields
of view using ImageJ (National Institutes of Health, Bethesda, MD, USA) [14].

2.5. Thermal Characterization

Melt and thermal properties of pristine and degraded materials were characterized via differential
scanning calorimetry (Q100 DSC, TA Instruments, Newcastle, DE, USA) under non-isothermal
conditions. Additionally, thermal transitions of non-printed monofilaments were determined to serve
as a good estimation of the printing temperature. Samples weighing approximately 4 mg were sealed
in an aluminium pan and exposed to non-isothermal heating at a ramp rate of 10 ◦C/min with kinetic
analysis performed on the thermographs utilizing universal analysis 2000 software (TA Instruments,
Newcastle, DE, USA).

2.6. Mechanical Testing

Unconfined, uniaxial compression was conducted on pristine and degraded samples using
an Instron Micro Tester (5848, Instron, Melbourne, Australia). In an effort to characterize the effects
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of material composition and pore size on the mechanical properties, 3D printed TECs with three
porosities were printed and evaluated. To study the effects of degradation on TEC stiffness, mechanical
analysis was conducted for degraded samples. TECs of 20% infill density were chosen for strength
loss characterization. Briefly, specimens were placed on a flat platen and were compressed at a rate
of 0.6 mm/min up to 50% compression (n = 5) in deionized water at 37 ◦C. The elastic modulus was
defined as the slope of the linear region (Range 4–10%), with the yield strength being defined as the
peak stress of the linear region.

2.7. Contact Angle Analysis

Surface wettability of 3D printed TECs was evaluated by contact angle analysis. Thin films of
the each polymer was prepared by heating to the respective melting point in an oven and cooled on
a 20 mm circular glass cover slip at room temperature. A droplet with the volume of 2 μL was deposited
on the films with images that were taken at the static condition using the FTA200 computer-controlled,
video based instrument (First Ten Angstroms, Portsmouth, VA, USA). Five positions were randomly
tested for each sample.

3. Results

3.1. Degradation

Thermal characterization of pristine, unprinted monofilaments by DSC (Figure 1) was used to
determine the optimal temperature that was necessary for stable viscous flow and printability of the
molten polymer. Table 1 shows optimized layer height, printing temperature, and material feed rate.
Due to rapid cooling, interlayer fusion of MAX was inadequate at a layer height of 0.2 mm resulting
in delamination. Therefore, a layer height of 0.16 mm was used. All of the materials were printed
successfully, and SEM images were taken to quantify and validate the pore size of three different infill
densities (Figure 2) with corresponding porosities, as determined using Equation (1).

Although DSC analysis is a good predictor of printing temperature, it is not reflective of the
optimized printing temperature. For instance, PCL does not exhibit viscous flow up to 120 ◦C,
while for all other materials, the printing temperature closely matches the melting point. This may
be due to differences in the inherent viscosity and molecular weight of the material at the respective
melt temperature.

Figure 1. Non-isothermal DSC trace of non-printed monofilaments at a heating rate of 10 ◦C/min.
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Figure 2. Scanning electron microscopy (SEM) micrographs of three-dimensional (3D) printed
scaffolds; (a) Representation of three porosities; (b) Representation of cross-sectional view at
varying magnification.

3.2. Contact Angle Analysis

Figure 3 illustrates surface wettability, as determined by contact angle analysis of the four
materials. Results show MAX as the most hydrophilic with a contact angle of 45.8◦ ± 1.8◦,
with increasing hydrophobicity of 58.4◦ ± 0.42◦, 77.8◦ ± 1◦, and 83.2◦ ± 3.3◦ for DIO, LAC,
and CAP, respectively.

Figure 3. Water contact angle analysis of polymer films. Data is represented as mean ± SD (n = 5).

247



Polymers 2018, 10, 40

3.3. Mechanical Characterization

The mechanical behavior of 3D scaffolds under compression was characterized and is shown
in Figure 4. All of the materials exhibit a toe region followed by linear and subsequent plastic
deformation (Figure 4a). It is observed that mechanical strength of 3D printed structures is dependent
on the inherent properties of the material, as well as pore size. When comparing the four materials,
DIO with a pore size of 2.19 mm is the softest exhibiting a compressive modulus of 0.3 MPa which is
3.1, 25.8, and 32.6-fold less than CAP, LAC, and MAX, respectively. An increase in porosity leads to
a significant increase in compressive modulus and yield strength, with DIO exhibiting the greatest
change with respect to pore size as an increase in porosity from 53.2% to 86.9% produces a 53-fold
increase in elastic modulus while similar porosities produce a 23, 8, and 9-fold increase for CAP, LAC,
and MAX, respectively (Figure 4b). The inherent properties of the material and regulating pore size
through precise 3D printing make it possible to achieve the desired mechanical properties.
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Figure 4. Unconfined, uniaxial compression. (a) Stress-strain curves for the scaffolds with different
pore size; (b) Compressive modulus and yield strength for all materials with three porosities. Data is
represented as mean ± SD (n = 5).

3.4. Degradation

Accelerated degradation was conducted under alkaline conditions to quantify the rate of mass
loss, strength loss, and to evaluate morphological changes of printed fibers. 1 M NaOH was used
to accelerate hydrolytic degradation of DIO, LAC, and MAX. Since the degradation rate of CAP in
1 M NaOH is considerably slower than all of the other materials (Figure 5a, less than 1% after 24 h),
5 M NaOH was used to accelerate CAP degradation within a comparable time frame. Hydrolytic
degradation of polymers occurs by erosion of the polymer beginning with cleavage of hydrolytic bonds
leading to the formation of water soluble components [15]. All of the materials show non-uniform
mass loss under accelerated degradation at the early stages, which is associated with the cleavage
of amorphous regions within the polymer. The degradation rate of amorphous regions is typically
higher than crystalline regions as the accessibility of water molecules is less energetically costly.
Single crystals in close proximity to the degraded amorphous region become unstable leading to
cleavage and solubility. As a result, crystalline regions become more accessible and susceptible to
hydrolytic cleavage and erosion.

MAX and DIO exhibit the fastest degradation rate, more than 75% mass loss after 2 h, while LAC
shows less than 10% degradation (Figure 5b). When comparing LAC and CAP, after two days,
LAC exhibited >90% mass loss, while CAP exhibited <1% degradation. In 5 M NaOH CAP shows
accelerated degradation leading to ~95% mass loss after 19 days (Figure 5c).
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Figure 5. Accelerated degradation; (a,b) Degradation of MAX, DIO, LAC, and PCL in 1 M NaOH.
(c) Degradation of CAP in 5 M NaOH. Data is represented as mean ± SD (n = 5).

Morphological studies were conducted via SEM of pristine and eroded samples.
Erosion patterning and subsequent morphological changes of the printed structures are directly related
to water accessibility and surface penetration. SEM images of MAX and LAC show a smooth surface
at the top and cross section of the printed fibers, which indicates that the speed of water penetration
into the core of the printed fiber is slower than the speed of hydrolysis of ester bonds. Subsequently,
both amorphous and crystalline regions disintegrate prior to diffusion into the subsequent layers.
A morphologically smooth surface and uniform decrease of fiber diameter and thickness leads to
increased pore size (Figure 6 (DIO/CAP)). The results are indicative of a predominant surface erosion
mechanism of degradation. For MAX, fusion points exhibit a similar erosion pattern with a regular
smooth surface, while for LAC, fusion points have irregular surface morphology, producing a different
morphological structure when compared to other regions of the 3D printed part. Therefore, the rate of
hydrolysis at the fusion points of LAC is lower than water penetration. This observation indicates
higher and larger crystalline structures that disintegrate in a slower rate when compared to amorphous
sites leading voids and non-uniform surfaces. This can be related to the print speed and the
overlaying of molten material wherein the material is cooled at a slower rate allowing for better
recrystallization. MAX shows a uniform decrease of fusion points with circumferential cracks followed
by longitudinal fractures (Figure 6 (LAC/MAX)). When compared to MAX, LAC exhibits a lower
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density of microfractures on the surface and fusion points, with only a few seen at the fusion points at
90% mass loss (Figure 6 (LAC)). CAP displays a roughened surface due to variations in hydrolysis
speed of amorphous and crystalline regions. Crystallites exhibit greater resistance to hydrolysis and
are morphologically noted as irregular grains on the surface. Initially, amorphous regions are cleaved,
leading to higher crystallite density with more uniform degradation rate. Due to hydrophobic surfaces
and high resistance of PCL toward water penetration, degradation proceeds slowly through cleavage
of crystallites. The cross sectional view of printed fibers also displays a smooth surface absent of voids,
which is indicative of a dominant surface erosion mechanism. Hydrolysis begins at the surface and
proceeds very slowly due to high resistance of CAP to water penetration. The erosion pathway of the
fusion points and surfaces are morphologically similar. DIO shows large pores on the surfaces and
fusion points, which are attributed to fast hydrolysis and increased accessibility of water molecules
into the interior of polymer. The cross section view shows that degradation begins from the edges
causing non-uniform structures. Since no voids are seen in the core of the printed fiber, the degradation
mechanism is predominately surface erosion with the fusion points exhibiting similar morphological
changes when compared to other sites.

Strength loss of degraded scaffolds is presented as a factor of mass loss in an effort to evaluate the
materials’ potential for use in applications experiencing moderate to high levels of stress (Figure 7).
For all of the samples, strength loss begins with a quick degradation rate followed by a rate decrease
until complete disintegration. The rapid initial strength loss can be attributed to the initial attack
and scission of amorphous regions by water molecules. This scission produces shortened polymer
chains, which can be readily dissolved. At high mass loss, when the density of cracks is increased and
the structure is susceptible to disintegration, the rate of strength loss increases again until complete
fragmentation. When comparing the rates of mass loss to strength loss, the rate of strength loss
exceeds that of mass loss due to the scission of amorphous regions and short chain polymers before
the complete cleavage of the polymer chains ensues; mass loss appears as the chains are completely
broken and dissolved in water. Before deviations in mass are detectable, strength loss is observed due
to small scissions and cracks. MAX maintains structural and mechanical integrity up to 45% mass
loss, while LAC preserves mechanical integrity up to 61% mass loss. Although these two polymers
have a close mechanical behavior, the rate of strength loss of MAX is faster due to the higher density
of cracks. Developed circumferential cracks at fusion points and longitudinal cracks on the surfaces
increase stress concentration and the risk of failure. DIO shows an integrated structure of up to 30%
mass loss, while PCL maintains its’ integrity up to 42% mass loss. DIO is more fragile when compared
to PCL and collapses sooner. As it is observed from SEM analysis, DIO shows large pores at fusion
points due to faster hydrolysis speed and higher accessibility of water molecules to the interior of DIO.
Higher stress concentration at irregular edges and smaller contact area at fusion points make DIO
more fragile.
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Figure 6. SEM micrographs of degraded samples after losing 30% mass loss at different magnifications.
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Figure 7. Strength loss versus mass loss for degraded scaffolds with porosity of 75%. Data is represented
as mean ± SD (n = 5).
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3.5. Thermal Analysis

Thermal transition of 3D printed non-degraded and degraded materials was monitored under
non-isothermal analysis at a heating rate of 10 ◦C/min to evaluate the changes in the morphology and
crystallinity of materials.

Thermal behavior of all materials is displayed in Figure 8. DIO shows an exothermic peak before
melting which is related to the recrystallization of the polymer. For samples with higher degrees of
degradation, the recrystallization temperature increases from 81.3 to 85.4 ◦C, which can be attributed
to the larger lamellae requiring higher temperature and more energy for recrystallization.

Thermal transition of CAP shows an increase of enthalpy for degraded samples when compared
to non-degraded samples. This observation illustrates a higher degree of crystallinity for degraded
samples resulting in a slower degradation rate. CAP shows the highest melting peak and also the
highest crystallinity (80.58 J/g) at 23% mass loss, which is the maximum resistance of crystalline
structures toward hydrolysis and cleavage.

Thermal analysis of LAC shows a double melting behavior that can be explained by the
melt-recrystallization model where the first endothermic peak is attributed to the melting of original
lamellar structures, while the second endothermic peak is associated to the melting of newly formed
crystallites during recrystallization. As the material melts during the first endothermic peak Tm1,
larger lamellas begin to recrystallize leading to energy release. The newly formed crystalline structures
melt at the higher temperature, Tm2, resulting in the second endothermic peak. As degradation
proceeds, Tm1 and Tm2 decreases producing smaller original lamellas with lower molecule weights.
The enthalpy decreases gradually from 54.91 to 54.10 J/g as materials lose their mass up to 61.94%.
At 90.85% mass loss, enthalpy has reduced significantly to 50.30 J/g.

For MAX, during degradation the area of endothermic peaks increases from 59.59 to 95.98 J/g
showing an increase in crystallinity. Additionally, the endothermic peak of the sample with the highest
mass loss exhibits a narrowing which shows less crystallite size distribution. A small exothermic peak
is observed before the melting peak that increases during degradation. This exothermic peak can be
attributed to recrystallization before melting. Since higher levels of degradation produce a higher
degree of ordered structures, there is greater probability of recrystallization as indicated by increasing
exothermic peaks.
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Figure 8. Thermal characteristics of non-degraded and degraded materials with different mass loss.
Non-isothermal analysis was conducted at heating rate of 10 ◦C/min using DSC.

4. Discussion

In the current study, we have evaluated four new medical grade filaments for printability,
physicochemical characteristics, and the potential for use in TE&RM applications. Comprehensive
characterization was performed on non-degraded and degraded materials to assess their physical,
mechanical, and morphological properties before and after degradation. These studies provide greater
insight and empirical evidence to support proposed TE&RM applications.

Optimized printing conditions were determined after evaluating the heating effects on phase
transition of monofilaments via DSC (Table 1, Figure 1). The materials were printed successfully
with three different porosities and were assessed under unconfined, uniaxial compression to quantify
the compressive modulus and yield strength. DIO with a pore size of 2.19 mm shows the softest
behavior with an elastic modulus of 300 KPa (Figure 4b). DIO is composed of 100% Polydioxanone
(PDO), which is a synthetic resorbable polymer with high flexibility supported by ether oxygen bonds
and used extensively as an implantable suture. It exhibits excellent biocompatibility, degradability,
and high flexibility, making it appropriate for a variety of biomedical applications. DIO is very
sensitive to internal structures and provides a wide range of mechanical properties by tuning the
pore size of the printed TEC, which makes it highly desirable for TE&RM applications (Figure 4b).
This study is the first reported use of DIO in FFF/FDM 3D printing showing high proccessibility.
This potential along with the inherent soft behavior makes it a good candidate for complex structures
in soft tissue engineering. CAP, which is 100% caprolactone, is another appropriate candidate for soft
tissue engineering. When compared to DIO, it shows a higher elastic modulus, however, as the pore
size decreases, the difference is less dramatic. At a pore size of 2.19 mm, elastic modulus of PCL
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is approximately three times higher than DIO, while at a pore size of 0.37 mm, it is 1.3-fold higher.
MAX, a copolymer of 95% glycolide and 5% lactide, shows the highest elastic modulus, at the pore
size of 0.37 mm. Changing pore size from 0.37 to 2.19 mm gives a wide range of properties from
9.8 to 88.9 MPa. LAC is 100% Lactide and shows various elastic modulus from 7.79 to 63.17 MPa.
By controlling the pore size of MAX and LAC, a wide range of materials properties can be achieved,
which are suitable for hard tissue engineering including cartilage and bone tissue.

Accelerated degradation in alkaline medium was conducted to investigate hydrolytic degradation
of all the monofilaments. Hydrolysis is a chemical reaction of water molecules with polymers
that produces carboxylic acid, followed by cleavage of -OH bonds, resulting in the erosion of
polymer matrix [16]. In this study, mass loss rate was evaluated in NaOH and depicted in Figure 5.
By comparison of these results with contact angle analysis, it is realized that more hydrophilic surfaces
shows higher degradation speed (Figure 3). SEM analysis shows surface erosion for four materials as
the predominant degradation pathway. Figure 6 illustrates that degradation begins from the edges
with no voids being seen radially towards the core. However, surface morphology of each polymer is
different due to various rates of hydrolysis and water penetration into the polymer fibre with DIO
exhibiting large voids on the surfaces. Hydrophilic surfaces for DIO, as well as fast hydrolysis, results
in decreased stability and porosity. PCL exhibits a roughened surface due to the presence of highly
water-resistant crystallites. MAX and LAC show smooth surfaces and uniform edges, with MAX
exhibiting a high density of cracks at the fusion points and fibre surface leading to decreased mechanical
stability and greater water accessibility.

In designing TECs, the bulk properties of materials as well as their degradation behavior and
physicochemical changes should be considered. The inherent properties of materials and the internal
structures of scaffolds, including pore size, are predominant factors in controlling the mechanical
properties of designed TECs. Depending on tissue morphology and the cascade of biological
phenomena during the regenerative process, an “optimized” pore size can vary. Feng. B showed
that pore size <400 μm limits the growth and infiltration of blood vessels in a porous bioceramic
scaffolds [17]. JP. Temple studied osteogenesis and angiogenesis of large craniomaxillofacial bone
defects, with TEC exhibiting pore sizes of 0.1–2 mm [18]. The results show that uniform distribution of
human adipose-derived stem cells with high density of vascular network was obtained at a pore size of
~800 μm. For larger pore sizes, cell aggregation ensues, leading to sedimentation and decreased activity,
whereas for the smaller pore sizes, cell aggregation is minimized. In contrast to large bone defects, for
barrier membrane in dental applications, smaller pores (<200 μm) is suggested to control the growth
and infiltration of epithelial and gingival fibroblasts at early stages [19]. By decreasing the rate of
cellular infiltration at early time points, bone tissue has more space to mature and remodel over time.
Infection is one of the major concerns for applications involving barrier membranes. By employing
TECs with small pore sizes, the risk of infection can be minimized [19]. By considering the limitation
of pore size in a specific application, materials and internal structures should be chosen carefully to
ensure suitable conditions for growth of tissue.

Based on the current study, MAX and LAC may be suitable candidates for musculoskeletal
tissue engineering. These materials exhibit excellent printing fidelity allowing for the manufacture of
complex geometries for large and small defects. By controlling pore size, a wide range of properties
can be achieved. In addition, by printing composite structures of MAX and LAC, the unique properties
of each material can be combined with predefined geometries leading to a higher degree of control
on mechanical properties as well as degradation rate. Depending on the volume of defects and the
speed of regeneration, the degradability of composite structures can be tuned. MAX degrades within
36 h in alkaline solution, while LAC exhibits 90% mass loss after 48 h. A composite structure of
these two materials with different degradation rates is also feasible and merits further investigation in
particular for drug delivery applications, where the release profile of drugs can be controlled by faster
degrading material and the structure of scaffolds can be preserved by long-term degradable materials.
As previously stated, infection is one of the major concerns with implantable TECs, which can be
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addressed by controlled release of antimicrobial drugs within the first few days of implantation
when macrophages show the highest activity [20]. Utilizing dual extruding printers and controlling
the number of layers and internal structures of each material shows great promise for controlled
mechanical properties, degradation, and drug release.

With regards to soft tissue engineering, most available printing materials are natural hydrogels,
which cannot be readily printed in complex geometries, especially for large volume tissue
regeneration [21]. In this study, DIO has been introduced as a soft polymer with high flexibility
along with high 3D printing fidelity for complex small and large structures. When compared to CAP,
DIO exhibits a faster degradation rate, which makes it more appropriate for short-term regenerative
applications. DIO may also be an appropriate polymer matrix for artificial skin patches owing to its
mechanical and physicochemical properties. Additionally, skin does not require extended degradation
for long-term regeneration and remodelling, which makes DIO a better candidate when compared
to CAP or other materials. Degradation of PCL, which is the main component of CAP, is very slow
(>2 years) [9,22], and a combination of DIO and CAP may provide the added capability of adjusting
the degradation rate of TECs to be temporally compatible with tissue regeneration and remodelling.
In addition to dual extrusion FDM/FFF printing, these polymers can be mixed during printing as
they have similar printing temperature. The potential addition of DIO into the TEC allows for greater
tunability with regards to degradation rate and mechanical properties. Recently, the concept of
harnessing the body as a “bioreactor” has been investigated by our group and coupled with delayed
fat injection [23] has shown promising results for large volumes. Delaying the administration of fat
into the TEC leverages the initial cascade of biological events leading to fibrous tissue infiltration and
neovascularization. By controlling the degradation rate of the internal TEC architecture, adequate
space post-implantation can be modulated allowing for more uniform tissue ingrowth. One potential
embodiment would utilize DIO as the internal structure, while providing the mechanical behavior that
is necessary to ensure tissue viability by using PCL as a slow degradable polymer. Another important
positive aspect of composite structures is in drug delivery where the degradation rate directly
affects the release rate of incorporated drugs. The hydrophobic surface of CAP, as well as its slow
degradation, limits sustained delivery. In most therapeutic/regenerative applications, the speed
of tissue regeneration is slow, while drug delivery is required for a short period post-implantation.
Therefore, for combinatorial TECs, including antibacterial embodiments, antimicrobial agents need
to be released at the early stages of regeneration. Releasing antibiotics within the first weeks prior to
complete formation of blood clot can decrease the risk of infection considerably. Therefore, employing
DIO as a delivery system in soft tissue engineering is suggested.

5. Conclusions

The current study served to introduce a family of 3D printable bioresorbable medical-grade
materials for use in TE/RM applications. With the combination of material traceability and accessible
high-resolution 3D printing technologies, we may find ourselves at the forefront of commercially-viable
3DP/AM for TE/RM applications.
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Abstract: The processability of injection molding ultra-high molecular weight polyethylene
(UHMWPE) was improved by introducing supercritical nitrogen (scN2) or supercritical carbon
dioxide (scCO2) into the polymer melt, which decreased its viscosity and injection pressure while
reducing the risk of degradation. When using the special full-shot option of microcellular injection
molding (MIM), it was found that the required injection pressure decreased by up to 30% and 35%
when scCO2 and scN2 were used, respectively. The mechanical properties in terms of tensile strength,
Young’s modulus, and elongation-at-break of the supercritical fluid (SCF)-loaded samples were
examined. The thermal and rheological properties of regular and SCF-loaded samples were analyzed
using differential scanning calorimetry (DSC) and parallel-plate rheometry, respectively. The results
showed that the temperature dependence of UHMWPE was very low, suggesting that increasing
the processing temperature is not a viable method for reducing injection pressure or improving
processability. Moreover, the use of scN2 and scCO2 with UHMWPE and MIM retained the high
molecular weight, and thus the mechanical properties, of the polymer, while regular injection molding
led to signs of degradation.

Keywords: ultra-high molecular weight polyethylene (UHMWPE); microcellular injection molding;
supercritical fluid; supercritical N2; supercritical CO2

1. Introduction

Ultra-high molecular weight polyethylene (UHMWPE) is a linear homopolymer polyethylene that
possesses many desirable solid-state characteristics [1]. When comparing UHMWPE to well-known
polyethylene grades such as high-density polyethylene (HDPE), its distinct properties are directly
associated with its ultra-high molecular weight, which ranges from 1 million g/mol to 6 million g/mol,
compared to 0.05–0.25 million g/mol for HDPE [2–4]. Owing to its ultra-high molecular weight,
UHMWPE has many high-performance properties, including high abrasion resistance, high toughness
and fiber modulus, great chemical inertness, low friction coefficient, self-lubrication behavior, very
low service temperature, noise dampening, and more.

As a result, UHMWPE has found successful applications in many industrial and medical sectors.
For example, it has been employed in high-performance fiber products, artificial joint prosthesis,
bearings, bumpers, and the sliding parts of production lines [4–6]. Its chemical inertness, low
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friction, and wear-resistant features make it a useful material for parts where lubricants could cause
contamination or maintenance problems, such as in food and medical applications [1,7].

However, the ultra-high molecular weight that yields these desirable properties and applications
also hinder the fabrication of UHMWPE by standard polymer processing methods, such as injection
molding (IM), as it requires a very high processing pressure due to its high melt viscosity and lack of
fluidity [1,4,8].

In the plastics processing industry, injection molding is one of the most important processes due
to its wide range of processable materials, ready-to-use final products, capability to make complex
parts, short cycle time, and high degree of automation [9]. It is estimated that injection molding is
used to process approximately one-third of all thermoplastic materials, with the process encompassing
around one-half of all plastic processing equipment [10].

At present, only a few UHMWPE grades in granular form are available for injection molding.
Its original powder form is unsuitable for injection molding, even when using specially designed
screws for powder resins. Due to its high viscosity, molding UHMWPE requires high injection rates
and injection pressures (values such as 110 MPa compared to 55–70 MPa for most polymers) [3,11].
Although the special grades of UHMWPE allow for injection molding, a further understanding of
their behavior is necessary to take advantage of all of the potential benefits and achieve optimal and
reliable processing conditions. Moreover, if the processing of UHMWPE is not performed properly, the
product quality can suffer due to thermal degradation.

Given its processing challenges, research literature on the injection molding of UHMWPE remains
scarce. To the best of our knowledge, injection molding of UHMWPE is limited to Kuo’s work [12–14].
In these studies, the injection molding of UHMWPE, process optimization for improved mechanical
properties, and tribological characteristics were investigated.

There are two well-known approaches for successfully fabricating UHMWPE parts: (1) using
high-pressure settings or (2) reducing the viscosity via solvents [1]. Solvents, including mineral oil,
paraffin wax, decalin, and xylene, have been used successfully to process UHMWPE [6]. However,
some tedious post-processing operations are necessary to clean parts and reclaim and recycle the
solvents. Also, the high pressures required for processing increases tool wear and manufacturing costs.

An effective method for overcoming the high viscosity of UHMWPE is by using supercritical fluid
(SCF) as a plasticizer. A compressed atmospheric gas, such as N2 or CO2 above its critical temperature
and pressure values (cf. Table 1), is referred to as an SCF. An SCF exhibits the density of a liquid but has
the high diffusivity and low viscosity of a gas. This specific phase allows not only accurate metering
and pumping as a liquid, but also an increased diffusion rate into the polymer as a gas [15,16].

Once SCF is diffused into the polymer melt evenly, it can reduce the viscosity and the glass
transition temperature of the polymer depending on the weight percentage of the SCF used [17,18]. The
physical effect that SCF has on UHMWPE can be described by two mechanisms. The first and dominant
mechanism is the increased free volume among entangled polymer chains [19,20]. The secondary
mechanism is decreased chain entanglement due to the dilution of the polymer via the addition of
the dissolved SCF [21]. The SCF also acts as a reversible plasticizer because it can leave the polymer
matrix simply by diffusing out after processing is complete or when the thermodynamic instability is
triggered due to changes in pressure or temperature. However, there are some drawbacks of SCFs,
such as the need for high-pressure equipment. Nonetheless, SCF is still commonly used with favorable
results because it can eliminate tedious solvent handling and all post-processing operations [22–24].

In this study, atmospheric gases, which are less expensive and unregulated—namely, N2 and
CO2, were used in their supercritical state [15]. Several studies have been done on the plasticizing
effects of supercritical CO2 in various polymer processing methods [21,23–27]. Wilding et al. showed
that the effect of supercritical CO2 on viscosity intensifies as the molecular weight of the linear PE
grade increases [28]. This suggests that the viscosity of UHMWPE can be reduced effectively via
SCF. Moreover, supercritical N2 has received some attention as an alternative to CO2 for processing,
especially for polyethylenes like low-density polyethylene (LDPE) [29]. In practice, injection molding
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using supercritical N2 as a foaming agent is more common because it yields a finer and denser foamed
microstructure [22,30]. The main advantage of N2 over CO2 is that the back pressure required to
keep N2 in its supercritical state is much lower (~54%) than the back pressure required for CO2 [16].
A higher back pressure requires a longer dosage time, which is undesirable. On the other hand, the
estimated maximum gas solubility of CO2 is almost four times higher than N2 in PE at 200 ◦C [15].
Therefore, CO2 may have more potential to modify the melt properties when a higher amount of SCF
is needed.

One of the commercially available technologies used to introduce SCF into the polymer is the
microcellular injection molding (MIM) process. In this process, SCF is first dosed and injected into
the injection molding barrel and mixed with the polymer melt during the dosage cycle. Thanks to
the properties of SCFs, it diffuses to form small gas bubbles and eventually dissolves in the polymer
matrix, thus creating a so-called “single-phase polymer/SCF solution” [15,16,29]. As the high pressure
polymer/SCF solution enters the mold cavity, a sudden pressure drop causes the nucleation of bubbles,
which expand to create a foamed product without the need for a packing cycle. This is because the
expanding gas bubbles increase the volume of the foamed polymer, which compensates for material
shrinkage as it cools, and thus fills the entire mold cavity [31–33]. The main usage of the MIM process
is to create very fine and lightweight polymer foams with a typical average cell size of 3–100 μm [16,34]
and a cell density of over 106 cells/cm3.

Occasionally, solid products instead of foamed ones can also be produced while utilizing SCF
in the MIM process. This process option is called high-pressure foam injection molding (FIM) [35].
In this case, the entire mold cavity is filled with a full shot volume’s worth of material and then
packing pressure is applied to suppress gas expansion and re-dissolve the gas into the polymer melt.
In high-pressure FIM, the cells may or may not be eliminated completely depending on the processing
parameters, such as the pressure in the cavity, SCF content, temperature, and polymer type [35,36].

In this study, the high-pressure foam injection molding option of the MIM process was used
to produce solid parts rather than foamed ones in the UHMWPE injection molding experiments.
Utilization of the plasticizing effect of supercritical N2 and CO2 was the aim. After the injection cycle,
packing pressure was applied to block cell nucleation and re-solubilize the escaping gas. The injection
molding of foamed UHMWPE parts using MIM was found to be a more involved project than their
solid counterparts and remains an active on-going research subject. Herein, the processability in terms
of injection pressure values and mold filling behavior of tensile bars, tensile properties, rheological
properties, DSC data, and microstructure in forms of micro-computed tomography (μCT) images of
the solid samples will be presented.

2. Materials and Methods

An injection molding grade of UHMWPE resin (GUR® 5129) was provided by Celanese
Corporation (Irving, TX, USA). It had a viscosity average molecular weight of 4.7 million g/mol
and a density of 0.93 g/cm3. Industrial grade carbon dioxide (CO2) and nitrogen (N2) were purchased
from Airgas (Greenville, SC, USA) and used as the SCF source for MIM.

2.1. Methods

A MIM-equipped injection molding machine, Arburg Allrounder 320S (Arburg, Lossburg,
Germany) with a 25 mm diameter screw, was used to introduce scCO2 and scN2 into the melt.
Here, the main purpose was to make a solid part rather than a foamed product by applying sufficient
packing pressure to compress the full-size melt and suppress foaming. One critical requirement for
the injection molding of UHMWPE is that the compression ratio of the screw must be less than 2.5:1,
and preferably 2:1, due to the absence of melt flow based on the ISO 1133 standard. The compression
ratio of the injection molding screw can be defined as the ratio of the feed section channel depth to the
metering section channel depth [10]. The machine used in this study had a 2.5:1 compression ratio.
Table 1 shows the injection-molded sample types and SCF loading percentages used in this study.
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The percent of SCF loading used was determined experimentally to introduce a high and controllable
amount of SCF.

Table 1. Sample name and SCF loading percent.

Sample Name SCF Critical Points [15] Loading % by Weight

Regular N/A N/A 0
CO2 sample CO2 31 ◦C, 7.37 MPa 1.5
N2 sample N2 −147 ◦C, 3.40 MPa 1.5

The processing parameters used for injection molding are listed in Table 2 and were set according
to the material’s molding recommendations and the machine type used. The back pressure was
adjusted for each gas to keep the SCF in its supercritical state. The cooling time was calculated as 25.2 s
based on thermal diffusivity and target ejection temperature (85 ◦C) [37].

Table 2. Processing parameters used in injection molding.

Processing Parameters Units Value

Injection speed cm3/s 80

Injection vol. cm3 17.2

Cooling time s 25

Back pressure MPa
Regular: 0.5

N2: 5
CO2: 8

Packing pressure MPa 110

Packing time s 7

Nozzle temperature ◦C 260
Mold temperature ◦C 80

An aluminum mold designed and machined in-house was used to produce ASTM standard Type
I tensile bars with a 2 mm thick fan gate. Figure 1 shows the mold cavity and the sprue location, which
was located on top of the fan gate without a runner to minimize additional pressure requirements.

Figure 1. Schematic of the injection-molded specimen ASTM D638 Type I tensile bar mold cavity with
its sprue.

Prior to any characterization experiments, the injection-molded UHMWPE samples were stored
for at least one week to allow the dissolved gas to completely diffuse out.
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2.2. Differential Scanning Calorimetry

Differential scanning calorimetry (DSC) was conducted according to the ASTM F2625-10 (2016)
standard test method on a TA Instruments Q20 (TA Instruments, New Castle, DE, USA) to measure the
enthalpy of fusion, percent crystallinity, and the melting point of the UHMWPE samples. The procedure
was applied from ambient temperature to 200 ◦C, with a heat/cool/heat cycle at a 10 ◦C/min scanning
rate. Four tests for each type of sample were performed with a weight range of 5 to 8 mg. Test samples
were cut from the middle of the tensile bar. The enthalpy of melting per sample mass was normalized
against the theoretical enthalpy of melting of 100% crystalline polyethylene to calculate the percentage
of crystallinity in the test sample. The standard equation was used as follows:

% Crystallinity = 100 × ΔHs

ΔHf
(1)

where ΔHs was the sample’s heat of fusion per unit mass during the freezing transition. The heat of
fusion of 100% crystalline UHMWPE, ΔHf = 289.3 J/g, was used in the calculation [38].

2.3. Rheology

A stress-controlled rheometer, TA Instruments AR 2000ex (TA Instruments, New Castle, DE, USA),
was used to measure the complex viscosity of the samples. Tests were conducted with 25 mm diameter
parallel plates with a 1 mm gap. Samples were cut from the tensile test bars, then compression molded
at 200 ◦C for 10 s at 1 mm thickness. When room temperature was reached, the samples were punched
into 25 mm diameter disks. First, a stress sweep test was run to determine the linear viscoelastic region
and 0.5% strain was selected for the following tests. Frequency sweep tests were conducted from
0.01 Hz to 100 Hz at a temperature of 260 ◦C. For temperature dependency analyses, temperature
ramp tests were run from 180 ◦C to 280 ◦C at two different frequencies, 0.1 and 100 Hz, respectively.

The temperature dependence of the materials was calculated using the following equation [39],

m(T) = mo·exp[−a(T − To)] (2)

where m(T) is the consistency index, mo is the consistency index at the reference temperature To, a is
the temperature dependence or sensitivity coefficient, and T is the temperature at which the viscosity
was measured.

2.4. Micro-Computed Tomography (μCT)

To examine if any bubbles formed in the samples, μCT scans were conducted with an industrial
type Metrotom 800 μCT system from Carl Zeiss AG (Oberkochen, Germany). The scanning power was
set at 32 kV and 120 μA for a 5 μm spot and voxel size. Image processing was performed using ImageJ
software from the National Institutes of Health, Bethesda, MD, USA.

2.5. Tensile Tests

Tensile testing of the samples was performed on an Instron 5967 (Instron, Norwood, MA, USA)
with a 30 kN load cell using ASTM D638-03 Type I tensile specimens. At least five samples of each
type were tested with a crosshead speed of 50 mm/min as recommended in the standard. Before
testing, all samples were examined with transmitted light to check for any remaining bubbles. Samples
with defects were excluded. Moreover, the samples were weighed and compared to each other to
eliminate any odd samples. A few samples were one standard deviation away from the mean and
were also excluded.
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2.6. Tensile Bar Images and Injection Pressure Measurements

To examine the mold-filing behavior of UHMWPE melt, the injection volume was reduced by 20%
and the holding stage was canceled so that the injection pressure reduction and the effect of dissolved
SCF on the shape of the short shots could be observed. Pressure data were collected at least five times
for each injection speed setting from 10 cm3/s to the maximum machine injection speed of 80 cm3/s in
10 cm3/s increments. All samples were weighed each time to ensure that the same amount of material
was injected within 0.1 g.

3. Results and Discussion

3.1. Differential Scanning Calorimetry

The first and second heating DSC graphs of the neat and injection-molded (regular, CO2, and N2)
samples can be seen in Figure 2, and the data derived from the DSC test is reported in Tables 3 and 4
for the first and second heating tests, respectively.

Figure 2. (a) The first heating and (b) the second heating of the differential scanning
calorimetry (DSC) graphs of the injection-molded samples and neat ultra-high molecular weight
polyethylene (UHMWPE).

Table 3. The average thermal behavior of injection-molded samples obtained from the first
heating thermograms.

Sample Tm (◦C) ΔHs % Crystallinity

Neat 136.9 ± 0.1 142.4 ± 1.9 49.2 ± 0.7
Regular 139.5 ± 0.4 158.2 ± 3.2 54.7 ± 1.1

N2 sample 138.7 ± 1.0 161.1 ± 2.7 55.7 ± 0.8
CO2 sample 138.6 ± 0.7 159.6 ± 2.2 55.1 ± 0.9

Table 4. The average thermal behavior of injection-molded samples obtained from the second
heating thermograms.

Sample Tm (◦C) ΔHs % Crystallinity

Neat 139.8 ± 0.6 166.7 ± 0.7 57.6 ± 0.2
Regular 140.3 ± 0.9 167.7 ± 2.7 58.0 ± 0.8

N2 sample 140.2 ± 0.8 169.8 ± 1.5 58.7 ± 0.5
CO2 sample 139.7 ± 1.2 167.6 ± 1.9 57.9 ± 0.6
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In Figure 2a, the first heating curves for all injection-molded samples seemed identical and
showed a higher melting point than the neat sample. It is known that different thermomechanical
(temperature–pressure) histories, as well as material degradation, can alter the first heating
thermograms. The distinct factor in the thermal history of the injection-molded samples is expected
to be the presence of scN2 and scCO2 during processing. However, the degree of crystallinity
(% crystallinity) of the samples tabulated in Table 3 was similar within the standard deviation.
The degree of crystallinity of the neat sample was much less than the injection-molded samples,
likely due to a different thermomechanical history from its production process.

The difference between the regular and SCF-loaded injection-molded samples was smaller than
the standard error for each of them, thus indicating that SCF did not have a clear effect on the thermal
properties. Even so, the N2 and CO2 samples had slightly higher-than-average degrees of crystallinity
as compared to the regular sample—1.0% more for the N2 samples and 0.4% more for the CO2 samples.
This behavior might have been due to the slightly increased molecular mobility and higher packing
pressure on the N2 and CO2 samples. As mentioned earlier, scN2 and scCO2 can reduce the viscosity
of the polymer by increasing the free volume between polymer chains. Therefore, it is expected to
enhance the crystallization kinetics and degree of crystallinity. In addition, lower flow resistance on
the polymer should transfer more pressure during the packing cycle. On the other hand, the foaming
and melt fracture mechanisms during the filling stage caused some gas to escape and vent out just
before the packing stage. This lowered the amount of SCF in the melt during the cooling phase and
the packing cycle, which decreased crystallization in these phases.

Since the crystal structure is very rigid compared to the amorphous structure, a higher degree
of crystallinity usually increases the Young’s modulus of the final product [40]. As will be seen later,
the Young’s modulus in the tensile tests in this study followed the results of the DSC tests. In the
absence of SCF, the degree of crystallinity for the regular sample was slightly lower than for the SCF
samples. Meanwhile, the average melting points were similar among the samples.

Because the second heating had the same thermal history, the second heating thermograms should
reflect the thermal degradation of the material rather than the processing history. It is known that a
lower molecular weight PE, namely HDPE, tends to have a higher degree of crystallinity [41]. The data
in Table 4 show that all injection-molded samples had slightly higher degrees of crystallinity than neat
UHMWPE, although there were no significant differences in degrees of crystallinity or melting points
among the injection-molded samples.

Yasuniwa et al. reported that, although the melting point of the PE grades increased linearly
with the molecular weight, above 106 g/mol, the change was insignificant [42]. The results in our
study agree with this finding. While the melting points of all injection-molded samples were similar,
the rheology and mechanical test results to be discussed below showed that the regular sample had a
lower viscosity and tensile properties than the SCF samples.

One possible source of error in the DSC tests could stem from a non-uniform distribution of
material with different molecular weights in the final product. Within the injection-molding barrel,
thermal degradation mainly occurs on the surface of the barrel rather than on the screw root. Once the
material enters the cavity, material degradation takes place where the temperature (due to viscous
heating) or stress (due to shear and elongational flows) is highest. Although four tests for each type of
sample were performed, the degraded material may not have been distributed and dispersed evenly
within the main matrix.

3.2. Mechanical Properties

The bar graphs in Figure 3a–c show the mechanical properties of the injection-molded samples.
The same data are also tabulated in Table 5. The Young’s moduli of the N2 and CO2 samples increased
slightly from 8% to 9% compared to the regular sample. A similar slight increase was also observed for
tensile strength, with about 1 MPa of difference.
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Figure 3. (a–c) Mechanical properties of UHMWPE samples and (d) an image of the breaking point.

Table 5. Tensile properties of injection-molded samples.

Samples
Young’s Modulus

(MPa)
Elongation at Break

(%)
Tensile Strength

(MPa)
Toughness

(J/m3)

Regular 615.2 ± 21.4 115 ± 10 21.9 ± 0.5 64.4 ± 7.1
N2 samples 669.6 ± 59.9 127 ± 5 22.9 ± 0.5 73.2 ± 4.0

CO2 samples 664.0 ± 22.7 134 ± 11 23.0 ± 0.3 77.8 ± 8.4

The largest improvement was observed on the elongation-at-break. The N2 sample had a 12%
elongation-at-break increase and the CO2 sample had a 19% elongation-at-break increase, indicating
that the samples with super-critical gas deformed more before fracturing than the regular sample.

During the mechanical tests, all parts ruptured in the same thin section on the side farthest
from the gate (cf. Figure 3d). Elongation-at-break was mainly determined by the weakness of this
point. This weakness was attributed to relatively low pressure at that point along the part during the
packing cycle, as the pressure during the packing phase decreased from the gate to the end of the part.
The dominant role of the melt pressure on the mechanical properties of injection-molded parts is a
well-known phenomenon [43,44]. However, melt pressure values across the same part do not vary
much for low viscosity materials. Here, the reason might be that the high viscosity of the UHMWPE
caused a relatively high pressure variance, which resulted in weakness at the indicated far-end location
on the tensile bar. While the N2 samples exhibited a slightly higher Young’s modulus, the CO2 samples
had higher values in terms of elongation-at-break and toughness. However, the differences between
the N2 and CO2 samples were within the standard variation. The reason for this might have been that
both gases had similar physical effects on the flow behavior.
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3.3. Rheology

UHMWPE is normally selected as a material for its excellent impact strength and wear resistance
based on its ultra-high molecular weight. This high molecular weight must be preserved to an
acceptable level after thermal processing via a process like injection molding. The molecular weight of
the final product should be checked to determine whether the process was successful or not. Due to
the high molecular weight of UHMWPE and the difficulty of accessing a suitable solvent for the gel
permeation chromatography (GPC) device, the molecular weight of the neat and injection-molded
samples were analyzed in an indirect way by examining the change in melt viscosity. Moreover,
a better understanding of the rheological characteristics of UHMWPE may help design processing
parameters. Figure 4a displays the complex viscosity of neat and injection-molded UHMWPE samples.

 
Figure 4. (a) Complex viscosity versus frequency; (b) Storage modulus versus frequency.

In the tested frequency range in Figure 4a, all UHMWPE samples fit the Power-Law model
with a strong shear-thinning behavior and without a zero-shear rate Newtonian viscosity plateau.
At the lowest frequency tested, 0.01 Hz, the complex viscosity of neat UHMWPE corresponded to
2.553 × 106 Pa·s. Regular injection-molded UHMWPE samples processed without any SCF had
a complex viscosity of 1.324 × 106 Pa·s, which was about 48% lower. On the other hand, the
viscosities of the N2 and CO2 samples were closer to the neat sample, with an 18% reduction for
N2 samples and a 12% reduction for CO2 samples. This viscosity reduction was likely due to material
degradation as a result of viscous heating, especially during the recovery or dosage cycles and the
injection-molding process.

Thermal degradation lowers the molecular weight and broadens its distribution by breaking
the polymer chains. Although increasing the amount of low-molecular-weight chains in the polymer
typically improves flowability, it degrades the impact strength and wear resistance of the final
products [39,45]. Based on our experimental observations, the thermal degradation of UHMWPE was
minimized with proper machine and mold selection, such as using a smaller compression-ratio screw,
small volume part, and a larger gate. Independent of this, the rheological results suggested that SCF
helped minimize the thermal degradation of UHMWPE.

Figure 4b shows the storage moduli of neat and injection-molded UHMWPE samples. It can be
seen that the storage moduli of the N2 and CO2 samples behaved similarly to the viscosity results,
showing only a slight decrease compared to the neat sample, whereas the regular injection-molded
sample displayed a comparatively large decrease.

Equation (3) shows the expression of viscous heating upon shear deformation:

.
QVH = η

.
γ

2. (3)
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In the above equation,
.

QVH is the rate of viscous heating, η represents the shear viscosity, and
.
γ is

the shear deformation rate [39,45]. Thermal degradation of a material that occurs during processing is
largely the result of the viscous heating. Although all samples except the neat sample were produced
using the same processing parameters, the viscous heating might have been lower for the N2 and CO2

samples due to the plasticizing effect of the SCF, which lowers viscosity [17,46].
The temperature dependence of the UHMWPE viscosity should be understood for successful

manufacturing. For this purpose, a temperature sweep test was performed and reported in Figure 5
at two frequencies (0.1 and 100 Hz). Only a small temperature dependence was observed for the
UHMWPE viscosity, as shown by the slope of the data points in Figure 5 for both frequencies tested.
The temperature sweep tests suggested that increasing the temperature of the UHMWPE melt for
processing ease was not an effective way of decreasing the viscosity of the polymer, despite its
common practice.

Figure 5. Complex viscosity versus temperature.

When temperature dependence, based on the temperature dependence relationship presented
in Equation (2), was compared among common thermoplastics (HDPE, LDPE, Polystyrene (PS),
Polypropylene (PP), Polyamide (PA66), Polycarbonate (PC), and Polyvinyl chloride (PVC)), from a
general standpoint, the smallest temperature dependence coefficient, a, was reported as 0.002 ◦C−1 for
HDPE [39]. According to the same model, the temperature dependence coefficient of UHMWPE was
calculated as 0.001 ◦C−1, about half that of HDPE’s dependence. Low temperature dependence for a
polymer can be a desirable property for a reliable injection-molding process. Therein, the polymer
can maintain its viscosity within stable limits, despite factors like viscous heating or varying zone
temperatures along the barrel. However, having a lower temperature dependence shifts the focus to
the resistance to flow which, regardless of the melt temperature, becomes the major impediment in
processing UHMWPE.

3.4. Tensile Bar Images and Injection Pressure Measurements

Images of complete and short-shot injection-molded UHMWPE parts are shown in Figure 6a,b.
The gate location was on the right side of the parts. Although the appearance of the complete parts
in Figure 6a was identical for all sample types, the short-shot images in Figure 6b showed a unique
difference in flow behavior between the regular injection-molded samples and the SCF samples. It is
well-known that many engineering plastics exhibit so-called “fountain flow” behavior [47]. However,
in Figure 6b, it can be seen that the UHMWPE melt failed to demonstrate fountain flow behavior.
This was because the material slipped at the mold surface as a result of its high viscosity and very low
friction properties as well as the severe melt fracture that occurred as the melt entered the cavity under
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high stress. As a result, the flow front of the regular short-shot sample formed an irregular porous
structure that became less porous near the gate. This might have been due to the huge pressure near
the gate region where the part transitioned from a porous-like structure to a continuous-like structure.
That is, the high-pressure development in the gate area caused the polymer to form a solid structure
near the gate of the regular injection-molded part. Interestingly, it was observed that the N2 and
CO2 samples in Figure 6b filled the entire cavity with a completely porous-like, foam-like structure,
even near the gate side, as a result of gas expansion and venting. Such a porous structure was later
compacted into solid-like parts (cf. Figure 6a) through packing pressure during the packing stage.

Figure 6. Images of injection-molded UHMWPE samples: (a) complete parts and (b) short-shot samples.

Figure 7 shows the injection pressure values versus flow rate on a linear scale axis. There was a
noticeable decrease between the regular injection-molded and SCF-loaded samples. The N2 samples
yielded slightly lower pressure values compared to the CO2 samples.

Figure 7. Injection pressure versus flow rate.
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The shapes of the curves, especially from moderate to high flow rates, seemed linear. For the
80 cm3/s flow rate used to create the injection-molded samples, the average pressure reduction was
about 30% for CO2 samples and 35% for the N2 samples.

This pressure reduction might have been due to the viscosity reduction effects of the dissolved
SCF in the polymer melt. Previous studies have reported this effect for scN2 and scCO2 on various PE
grades [28,29,46].

Other contributions to the pressure drop may have been that the material changed its flow
behavior as demonstrated in Figure 6b. It seems that SCF decreased the material’s tendency to
agglomerate and stick to the mold surface, thus resulting in less pressure development. Furthermore,
the escaping high-pressure gas during the filling stage may have caused a lubrication effect and
slipping between the UHMWPE part and the mold surface.

Another reason for the pressure reduction might have been undissolved gas bubbles in the screw
chamber or emerging gas bubbles in the mold cavity, which may also explain why scN2 reduced the
pressure slightly more than scCO2. In microcellular injection molding (MIM), until the injection cycle
begins, it is assumed that finely distributed micro-gas bubbles completely dissolve in the polymer melt
and create a single-phase solution. However, in practice, the single-phase polymer/gas solution may
not form completely at certain molding settings over a typical recovery time [16]. As long as the back
pressure is kept above the super critical pressure, the residual micro-bubbles will not affect the MIM
process [16].

The gas solubility in polymers is a strong function of pressure and temperature. Based on our
experimental observations, it was estimated that the residual microbubbles when scN2 was used were
more numerous than with the scCO2 case because of the lower solubility of scN2 in the UHMWPE
melt. To the best of our knowledge, gas solubility and diffusion data are not available for UHMWPE.
For one grade of HDPE, the gas solubility was reported as 1.2 wt % for scN2 and 4.6 wt % for scCO2

at 270 ◦C [16]. Similarly, as gas emerges from the polymer/gas solution during injection, numerous
bubbles form due to thermodynamic instability. Since scN2 has a lower solubility in UHMWPE, it will
have a higher degree of supersaturation for scN2 given the same gas loading at 1.5 wt % (cf. Table 1).
Thus, more gas bubbles are expected to form for the N2 samples. Either way, tiny bubbles with
relatively negligible viscosity may reduce the average flow resistivity of the melt-gas mixture.

3.5. Micro-Computed Tomography (μCT)

Although μCT resolution (5 μm) is limited when compared to electron microscopy methods, as a
nondestructive method, it enables us to scan large volumes conveniently instead of only a limited
area of the fracture surface. It also allows one to effectively analyze and select the most representative
cross-section images. μCT images of injection-molded samples are shown in Figure 8.

Remaining bubbles in injection-molded parts can cause some cosmetic and mechanical defects.
When SCF is used, remaining bubbles can be a challenge to eliminate. During cooling, the shrinkage
of the polymer can create some random bubbles in that part. However, the injection molding images
in Figure 6b show that UHMWPE underwent foaming and allowed gas to emerge and escape. Even
if there is a relatively small amount of gas remaining, it is easy to pack the part and eliminate the
bubbles for both N2 and CO2 samples, resulting in solid injection-molded parts free of any residual
bubbles as shown in Figure 8. In μCT images of all injection-molded samples, the corners of the cross
sections images demonstrated unexpectedly sharp and light colored edges. This might have been due
to the exponential edge-gradient effect observed as a defect of the μCT mathematical reconstruction
algorithm whenever long sharp edges of high contrast are encountered [48].

270



Polymers 2018, 10, 36

Figure 8. Micro-Computed Tomography (μCT) images of injection-molded samples: (a) regular
injection-molded sample; (b) N2 sample; and (c) CO2 sample.

4. Conclusions

In summary, UHMWPE was processed via microcellular injection molding with supercritical N2

or CO2 as a reversible plasticizer and compared with regular injection-molded samples. It was found
that both scN2 and scCO2 reduced the required injection pressure for the chosen material flowrate
during injection. The flow behavior was also found to be different when scN2 and scCO2 were used.
UHMWPE failed to demonstrate typical fountain flow behavior; instead, it slipped on the mold surface.
While DSC results showed a small difference in terms of the degree of crystallization and melting
temperature among all samples, the rheological tests showed that the complex viscosity and storage
modulus of the N2 and CO2 samples were closer to that of the neat sample and higher than the regular
injection-molded sample. This suggests that some thermal degradation may have occurred during
processing, but scN2 and scCO2 helped reduce the overall degradation due to the plasticizing effect in
the barrel and injection molding cycle. In addition, the rheological tests showed that increasing the
melt temperature would not reduce the viscosity. From the mechanical tests, it was found that CO2

samples had the most favorable elongation-at-break results while N2 samples had the highest Young’s
modulus. Finally, μCT images showed that N2 and CO2 samples were free of any residual bubbles.
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Abstract: The quality of the polymer parts produced by injection molding is strongly affected
by the processing conditions. Uncontrolled deviations from the proper process parameters could
significantly affect both internal structure and final material properties. In this work, to mimic
an uneven temperature field, a strong asymmetric heating is applied during the production of
injection-molded polypropylene samples. The morphology of the samples is characterized by optical
and atomic force microscopy (AFM), whereas the distribution of mechanical modulus at different
scales is obtained by Indentation and HarmoniX AFM tests. Results clearly show that the temperature
differences between the two mold surfaces significantly affect the morphology distributions of the
molded parts. This is due to both the uneven temperature field evolutions and to the asymmetric flow
field. The final mechanical property distributions are determined by competition between the local
molecular stretch and the local structuring achieved during solidification. The cooling rate changes
affect internal structures in terms of relaxation/reorganization levels and give rise to an asymmetric
distribution of mechanical properties.

Keywords: indentation; Harmonix AFM; polymer morphology; mechanical properties

1. Introduction

Understanding the effect of the process on the internal morphology of polymeric artifacts and its
relationship with the final mechanical properties is the key-point for a correct prediction of reliability,
performance and durability of a product. The complexity of the internal features, developed in the
micro and sub-micro scales during common processing of thermoplastic polymers, requires additional
studies on the relationships between morphology and properties. Consistently, characterization
tests on micro and sub-micro scales, such as micro and nano indentation, are emerging as new
approaches to provide quantitative information about the mechanical properties and morphology
of polymeric materials [1,2]. The ability to measure properties on the nanometric length-scale is
particularly important for objects such as molded parts in which the localized internal structures can
have a significant impact on the bulk properties [3–8].

Recently, a multiscale mechanical characterization of injection-molded samples was performed by
combining dynamic mechanical analysis, micro Indentation, and HarmoniX Atomic Force Microscopy
tests [9,10]. Those results show that the molded samples present a complex multilayer morphology
in which, starting from the sample surface, less organized structures (globules), characterized by
mechanical properties similar to the quiescent amorphous phase, coexist with well-organized and
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oriented structures (fibrils), characterized by a high mechanical modulus. Intermediate behavior was
found in the central part of the sample, where well developed spherulitic structures are characterized
by a lower level of orientation [11,12].

The morphology developed in the molded parts can be highly dependent on imperfect or wrong
processing conditions. They can be due to problems related to a combination of poor material
characterization, imperfect tooling design, and inadequate control of the processing variables [13–16].
Knowing how intentionally created molding defects impact on the final product quality can help to
recognize and avoid them in real conditions. Probably, among other parameters, the mold temperature
is the most critical parameter to be monitored and controlled [17,18]. Despite the extensive studies,
a clear correlation between the product properties and the mold temperature is not yet completely
established. The situation becomes still more complex when a complete and accurate temperature
control is difficult or even impossible. As a matter, non-controlled asymmetrical temperature fields are
quite common when geometrical constraints, non-balance (or failure) of the cooling systems, and local
overheating are present. In some special cases, high-temperature gradients are imposed by specific
production requests such as micro-injection, in-mold labeling and over-molding [19,20]. Regardless
of the specific reason for the non-uniform temperature, the results may give rise to severe problems
such as inhomogeneous filling, low cycle repeatability, warpage, a lack of part performances and poor
surface finishing [21,22]. The uneven temperature field may produce a sample with strong mechanical
unbalancing with the possibility of warpage and the formation of cracks.

Liparoti et al. [12,23] reported the effect of induced asymmetrical fast surface temperature
evolution on the morphology of injection molded isotactic polypropylene (iPP) samples. They showed
a strong effect of two factors on the morphology of the final part: increasing the cavity surface
temperature and varying the temperature pulse duration [24]. Despite the continuous technological
interest in this subject, only a few papers have tried to correlate the complex internal morphology
produced in these conditions with the local mechanical properties within the molded parts.

The objective of this work is to provide an experimental morphological and mechanical
characterization of molded samples obtained in highly asymmetrical mold temperature conditions.
The mechanical properties along the sample thickness have been correlated to the mold temperature
condition adopted. The correlation among processing conditions, mechanical properties and internal
morphology of the moldings are also analyzed and discussed.

2. Materials and Methods

Thin bars of isotactic polypropylene (iPP) with a rectangular section were obtained by injection
molding, using a mold cavity that can impose high temperature gradients in a very short time. The iPP
adopted for the experiments was supplied by Montell (Ferrara, Italy), now Lyondell Basell Industries.
It is a commercial grade (tradename Moplen T30G). Moplen T30G is a general purpose homopolymer
for extrusion/molding applications, with a melt flow index of 3.6 (ASTM D1238/L). The molecular
weight distribution was determined by a size exclusion chromatography, with weight-average molar
mass Mw of 376,000 g·mol−1, polydispersity index Mw/Mn of 6.7, and a meso pentads content 87.6%.

Figure 1 shows the geometry of the samples and the sketch of the heating device. In particular,
the mold has a gate 1 mm thickness and a rectangular cavity of length L = 70 mm, width W = 20 mm,
and thickness S = 1 mm.
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Figure 1. Sketch of the cavity geometry and of the heating device adopted. Positions P0 ÷ P3
where the pressure evolutions were measured during the injection molding tests are also indicated.
(PAI = poly(amide-imide) insulating layer; CB = electrical conductive layer, made of carbon black
loaded PAI).

The injection molding tests were carried out with a 70-ton Canbio reciprocating screw,
injection-molding machine (Negri-Bossi, Cologno Monzese, Milan, Italy). The experiments were
performed with an average volumetric flow rate of 3 cm3·s−1 (the cavity filling time was about 0.5 s),
a melt injection temperature of 220 ◦C and a mold temperature of 20 ◦C. A holding pressure of 300 bar
was adopted with a holding time of 2 s. The pressure was measured in four different positions along
the flow path by means of piezoelectric pressure transducers. In particular, one transducer is located
in the injection chamber, P0, one just before the gate, P1, and two in the cavity, P2 and P3 (20 and
50 mm downstream from the gate). Their locations are indicated in Figure 1. As also shown in Figure 1,
a thin heater is located below the cavity surface and it is protected by a thin steel layer (100 μm).
The thin heater was adopted for quickly and accurately controlling the temperature on one side of
the cavity (on the moving plate of the mold). A detailed description of the heating device is reported
elsewhere [25]. The melt temperature in position P2 was measured with a temperature probe located
on the protective steel layer.

The molding conditions adopted in the tests considered in this work are summarized in Table 1.
During the injection molding tests, the heating device was supplied by a constant electrical power,
Pe. The heating device was activated for two seconds, ta, before the local contact with the polymer
in position P2, where pressure and temperature were measured. After that, the electrical power was
supplied for additional heating times, th, 0.5 s, 8 s and 18 s. The asymptotic temperature, Tlevel, reached
on the cavity surface when the heater is supplied with 7 W/cm2, for longer heating time, is 120 ◦C.
For comparison, a non-conditioned experiment, T_off, was performed without activating the heater
(in this case Tlevel, is the ejection temperature, 28 ◦C).

Table 1. Experimental molding conditions.

Test Run Pe (W/cm2) Tlevel (◦C) th (s) ta (s) Phold (bar)

T_off 0 28 0 0 300
120-05 7 120 0.5 2 300
120-8 7 120 8 2 300
120-18 7 120 18 2 300

276



Polymers 2017, 9, 585

2.1. Sample Preparation

The specimens were cut in position P2 from the cross section of the sample and carefully
polished with a predefined procedure [9]. For the Atomic Force Microscopy (AFM) characterizations,
an additional chemical etching procedure was carried out on the specimens in order to eliminate
local micro deformation induced by the cutting procedures. In particular, the Basset’s etched
procedure [12,23,26] was adopted to prepare selected samples to the AFM analysis. A solution
of potassium permanganate, in a mixture of 10:4:1 volumes of concentrated sulphuric acid,
orthophosphoric acid and distilled water (1 g of potassium permanganate in 100 mL of mixture),
was adopted as etchant. A 2 h period of etching at room temperature was generally sufficient to reveal
the surface topography.

2.2. Optical Microscopy Tests

In order to gather information on sample morphology, cross section slices with 0.1 mm thickness
were cut from injected samples by means of a Leica slit microtome in position P2. These samples were
observed in Polarized Optical Microscopy (POM) with an optical microscope (model Olympus BX41)
equipped with a digital camera by using a magnification level of 20X. Micrographs of the slices were
taken so that flow direction was rotated of 45◦ with respect the analyzer direction.

2.3. Indentation Tests

Indentation tests were performed with a Nano Test™ Platform (Micro Materials Ltd.,
Wrexham, UK). Tests were carried out with an initial load of 0.02 mN, a load rate of 1 mN/s and
a maximum load of 120 mN held for 60 s. A three-sided Berkovich pyramidal diamond tip with
a radius of about 100 μm was adopted to indent the surface of the sample. Elastic modulus were
evaluated from each imprint, directly by Nano Test™ Platform software 4, according to the Oliver and
Pharr method [27].

2.4. AFM Analysis

AFM analyses were performed by a NanoScope MultiMode V scanning probe microscope
(Veeco, Santa Barbara, CA, USA) equipped with HarmoniX tool. Tests were performed with HMX
probe silicon cantilevers (Bruker, Billerica, MA, USA) with nominal radii of c.a. 10 nm. The cantilever
oscillation is composed by two different movements, torsional and vertical. These movements have
different frequencies, in particular the amplitude frequency of torsional movement is higher than the
tapping frequency [28,29]. The reconstruction of sample morphology is due to the vertical movements
in standard tapping mode, whereas, the reconstruction of elastic modulus maps is due to the tip sample
force interactions during the torsional movement [28]. Lastly, the AFM elastic modulus distribution
is obtained averaging the elastic moduli on windows of 20 × 20 μm by the Nanoscope software
version 7.30.

HarmoniX measurements were done in air. Cantilevers were calibrated using a standard
polystyrene/low density polyethylene (PS/LDPE) sample. The adopted vertical frequency was
44 kHz and the torsional frequency was 989 kHz. The cantilever vibration free amplitude was of
750 mV in air. The force level was modulated adopting the amplitude set point. The amplitude set
point was used for feedback control, as a reference value; in particular ca. 60% of the free amplitude
was selected. Imaging was performed with 0.5 Hz scan rates, considering 20 harmonics.

The calibration method reported by Gojzewski et al. [4] allows evaluating the deflection sensitivity
and cantilever spring constants that were 360.6 nm/V and 1.58 N/m respectively.

Image processing and data analysis were performed with the NanoScope software version 7.30
and NanoScope Analysis version 1.20. The NanoScope software gives elastic modulus maps by
elaborating HarmoniX AFM imaging through Derjaguin-Muller-Toporov (DMT) model [30].
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3. Results

3.1. Molding Experiments

An example of the temperature evolutions recorded during the molding experiments is reported
in Figure 2. In the same figure, the temperature evolution recorded for the experiment T_off is also
reported. The activation of the electric heater starts two seconds before the melt reaches position P2
(t < 3.7 s), during such a time the temperature rises up to about 120 ◦C. At this point, the temperature
increase up to about 150 ◦C, is due to the contact of the hot melt with the cavity surface. Obviously,
the temperature recorded for the experiment T_off only shows the temperature increase due to the
hot melt contact. In all cases, after a peak the temperature starts to decrease down to the selected
Tlevel, i.e. 120 ◦C for tests performed with the heater activated and 28 ◦C for the experiment T_off.
For the tests performed with the heater activated, soon after the heater deactivation, the temperature
decreases quickly to 28 ◦C. The cooling phase duration depends only slightly on the duration of the
heating stage.

Figure 2. Temperature evolutions measured during tests reported in Table 1.

Figure 3 shows the pressure evolutions recorded in different positions along the flow path of
two selected experiments, T_off and 120-18. After the filling stage (that ends after 4.5 s), the pressure
undergoes a sudden increase upwards, reaching a sharp peak followed by a quick decrease toward
the holding value. The peak in the pressure evolutions is higher in the T_off experiment because the
pressure required to fill the cavity is higher at ambient temperature. As soon as the holding pressure
in P0 is released (t = 6.5 s), the pressure in P1 quickly reduces. Half a second after the holding pressure
release, the screw rotates again and moves back to its starting position, applying a back-pressure for
about 0.5 s (batching step). As the melt viscosity in the sprue and runners is low enough, the pressure
evolution in P1 follows the pressure in P0 showing a similar back-pressure spike. On the opposite side,
the viscosity in the cavity is so high to prevent any back-pressure effect on the pressure evolutions in
position P2 and P3.

Apart from some minor differences, the high temperature reached on one side of the sample
surface seems to have only marginal effect on the pressure evolution recorded on the unheated side.
A similar finding was described in previous works [12]. The pressure evolution in a certain position
depends on the temperature distribution along the flow path. Comparing the pressure evolution of
the T_off test with the 120-18 test it is evident that in the T_off case the pressure drop between position
P2 and P3 is significantly higher. This is due to the fact that the melt cools down faster since it is in
contact with a colder surface.
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Figure 3. Pressure evolutions measured in different positions along the flow path for the tests (a) T_off
and (b) 120-18.

3.2. Optical Morphology

A preliminary analysis of morphology developed along the sample thickness allows observing
some of the effects of an asymmetric temperature field. An example of cross-section morphology
obtained by the optical micrograph of the sample T_off is shown at the top of Figure 4. The optical
image in polarized light turns out to be symmetric for that sample and it is characterized by alternating
colored bands. Each band is characteristic of a polymer layer with different levels of crystallinity
and orientation. These layers were formed at different times of the process and thus experienced
different thermomechanical histories before solidification. The competition between solidification and
the relaxation process produces a characteristic distribution of orientation through the thickness of the
sample. In the literature, the presence of three distinct morphologies is reported: a thin, oriented “skin
layer” at the sample surface, formed by elongated structures at the sample wall and by less oriented
“globular” elements soon after [12], an highly oriented fibrillar “shear layer”, just adjacent to the skin,
and a less oriented layer, the “spherulitic” one, in the sample core [12,23,31,32].

Figure 4. Optical micrographs of the samples from test runs T_off, 120-05, 120-8 and 120-18. The heated
side is reported on the left most of the figure.
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The morphologies of the samples obtained keeping the cavity surface temperature at 120 ◦C for
0.5, 8 and 18 s are compared in Figure 4. The different layers developed along the sample thickness
are strongly influenced by the temperature of the cavity surface. In particular, the shear layer moves
toward the sample surface and its thickness decreases by increasing the heating time. The skin layer
disappears for longer heating times, while with a heating time of 0.5 s the presence of the skin layer
can not be clearly evidenced from the POM micrograph. Figure 4 shows that a 0.5 s heating time is
sufficient to lose the symmetric morphology of the sample.

3.3. AFM Morphology

A deeper investigation of the local morphology has been carried out by means of atomic force
microscopy. Since HarmoniX AFM allows the elastic modulus on the sample surface to be mapped, it is
possible to attempt a correlation between the morphology distribution and the mechanical properties
along the sample thickness. The elastic modulus has been obtained from force-indentation curves
applying the Derjaguis-Muller-Toporov (DMT) model [31]. Examples of the sample characterization
are reported in Figures 5 and 6. These figures show both the POM image of the whole thickness of the
sample and some of the height and the elastic modulus maps acquired by HarmoniX AFM for the tests
120-8 and 120-18, respectively. The dimension of each AFM map has been selected to take into account
the characteristic dimension of the morphological structures that are observed in the sample.

The micro structures developed in injection-molded parts are generally anisotropic and largely
dependent on stretch distribution, molecular orientation, and cooling rate induced by the molding
cycle. Comparing Figures 5 and 6 one can observe that the morphology developed on the unheated
side, where the temperature was at 28 ◦C, is essentially independent of the heating time. In particular,
the AFM maps show that in the shear layer the fibrils are well packed with a mean thickness of
about 250 ± 30 nm. On the heated side, the skin is not detectable for both selected heating times;
the shear layer, detectable for the sample 120-8 of Figure 5, is made up of fibrils that have a mean
thickness (500 ± 50 nm) that is bigger than the thickness of the fibrils on the unheated side. Figure 6,
which refers to a longer heating time, shows that, on the heated side, the fibrils of the shear layer
completely disappear and the spherulitic layer impinges on the sample surface. Evidently, in that case,
the stretch due to the flow has sufficient time to relax the molecular orientation. Thus, the molecules
crystalize into a spherulitic morphology during cooling to ambient temperature. Additionally, Figure 6
shows that there is a significant difference of the spherulite dimensions within the spherulitic layer.
The spherulites that are formed close to the heated side appear smaller (15 μm diameter near the
heated wall and 25 μm in the inner part of the layer). The reason for this difference can be due to the
different cooling rates experienced by the melt when the heater is deactivated: close to the sample
wall the cooling rate is higher; this favors higher nucleation density that means smaller spherulites.
On the other border of the spherulitic layer, for both heating times, the spherulites appear elongated,
consistent with the fact that they are in the transition zone. Finally, the morphology of the skin layer
is shown by the AFM height map at the bottom of Figure 5. The fibrils of the shear layer tend to
disappear and are replaced by un-oriented globular structures as shown by the magnification of the
area enclosed in the green square reported in the AFM map.

Figures 5 and 6 also show the elastic modulus maps acquired in the same positions where
morphology was detected. The comparison among the elastic modulus maps shows that the shear layer
on the unheated side is characterized by highest values of elastic modulus whereas the spherulitic layer
shows the smaller values. The skin layer is characterized by the smallest modulus values (see Figure 5).
This is consistent with the fact that in this layer globular elements have been found [12]. Moreover,
the shear layer on the heated side is characterized by smaller modulus values with respect to the
shear layer on the unheated side. This suggests that the fibrils found in these zones have a different
mechanical behavior. In sample 120-18 (Figure 6) the spherulitic core impinges the sample wall on
the heated side. The spherulites close to the heated side show modulus comparable with the elastic
modulus of the spherulites in the inner part of the sample.
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Figure 5. Atomic force microscopy (AFM) maps, height and modulus, obtained in different zones
along the sample thickness, for the sample 120-8. The average moduli are reported in the map of each
zone. Polarized Optical Microscopy (POM) micrographs and AFM maps have all the same alignment
with flow direction in the thickness plane.
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Figure 6. AFM maps, height and modulus, obtained in different zones along the sample thickness,
for the sample 120-18. The average moduli are reported in the map of each zone. POM micrographs
and AFM maps have all the same alignment with flow direction in the thickness plane.

For further investigation of mechanical modulus distributions, indentation tests have also been
performed in different positions along the sample’s thickness. Figure 7 shows the load displacement
curves obtained in different positions along the thickness of the sample 120-18. In particular,
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three different values of the dimensionless distance from the heated side, d, where considered: d = 0.1,
d = 0.4 and d = 0.75. Following the Oliver–Pharr model [27], the elastic modulus mainly depends on
the initial unloading slope in the load displacement plot. In particular, the elastic modulus increases
with the unloading slope.
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Figure 7. Load-displacement curves of three different positions along the thickness of sample 120-18.

The indentation analyses confirm that the highest moduli were found in the shear layer on the
unheated side, the spherulites show lower moduli.

Figure 8 shows the distributions of elastic moduli evaluated by both HarmoniX AFM and
indentation analyses in several positions along the thickness of the samples 120-05, 120-8 and 120-18.
In order to further study the effect of the cavity surface temperature on the mechanical properties of
the samples, the experimental results obtained by the indentation analysis of the T_off sample are also
reported in each plot.
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Figure 8. Distributions of elastic modulus along the sample thickness obtained by indentation and
HarmoniX AFM tests for the samples (a) 120-05; (b) 120-8 and (c) 120-18.

The experimental results for the values of the modulus of the T_off sample reported in Figure 8
show a characteristic symmetric distribution with two maxima located in the shear layers, as shown in
Figure 4. The skin layer shows the lowest moduli and the spherulitic core has intermediate modulus
values. By increasing the mold temperature, the modulus distribution becomes asymmetric. This is
due to both the uneven temperature field evolutions and to the asymmetrical flow developed during
the filling stage. Because of the reduction of the shear layer thickness, on the heated side, the maximum
value of the modulus approaches the sample surface. Moreover, the value of the maximum is lower
with respect to the value of the maximum found on the unheated side. With 18 s heating time, the shear
layer disappears on the heated side and the elastic modulus shows the characteristic values of the
spherulitic layer.

Figure 9 shows a comparison among the elastic modulus distribution obtained from indentation
analyses of the samples T_off, 120-05, 120-8 and 120-18. On the unheated side the modulus appears
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significantly affected by the heating only close to the internal border of the shear layer; however,
the modulus appears to be almost unaffected by the heating duration.
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Figure 9. Elastic modulus distributions (obtained from indentation analyses) along the sample thickness
for the samples T_off, 120-05, 120-8 and 120-18.

4. Discussion

The mechanisms that govern the temperature evolution inside the polymer part during the
molding process are: fountain flow, heat convection, heat diffusion, viscous and latent heat
generation [32]. Fountain flow occurs when the melt is forced, with elongational flow, outwards
from the center of the flow front toward the mold wall. The fountain flow is recognized to be the main
reason for the high level of molecular orientation found at the skin layer [33–35]. It is also responsible
for a temperature profile that is quite uniform along the thickness of the flow front. This situation
changes quickly soon after the first contact of the polymer with the surface by the effect of the heat
transfer with the wall.

The evolution of temperature distribution inside an asymmetrically heated sample is given by
Equation (1) [36], where convective contributions of the melt flow are not accounted for, or it could
be neglected during the post-filling stages of the injection molding process. It considers a slab of
thickness s starting from uniform temperature Ti (220 ◦C in the considered cases), with one surface
held at constant temperature T1 and the other surface at T2 (120 ◦C and 28 ◦C, respectively).

T(y, t)− T1

T2 − T1
=

y
S
+

∞

∑
n=1

Zn

T2 − T1

[
exp

(−αn2π2t
S2

)
∗ sin

(nπy
S

)]
(1)

where, α is the thermal diffusivity, t is the time and

Zn = 2
1 − (−1)n

nπ
(Ti − T1) +

2(−1)n

nπ
(T2 − T1) (2)

In order to take into account the heat of crystallization, the thermal diffusivity α is corrected with
the Stefan number, Ste, according to Equation (3).

α =
α1

1 + Ste
(3)

285



Polymers 2017, 9, 585

with:
α1 =

k
ρ Cp

Ste =
Xc·Δh∞

Cp·
(

Ti − Tf

) (4)

where Δh∞ is latent heat of crystallization, Xc is the crystallinity and Tf is the final temperature of the
slab. For asymmetrical boundary conditions, Tf is not constant along the slab thickness and depends
on s. The values of the parameters adopted for the calculation are reported in Table 2.

Table 2. Parameters adopted to calculate the temperature distribution along the sample thickness.

Parameter Value

α1 8.25 × 10−8 m2·s−1

Cp 2.62 J·g−1·K−1

Δh∞ 114 J·g−1

Xc 0.5
Tf at midplane 70 ◦C

The evolutions of the temperature distribution along the sample thickness, calculated by the
Equations (1)–(4) at different times, are reported in Figure 10. The temperature distributions
asymptotically approach the equilibrium distribution Teq (the dotted line in Figure 10).

Figure 10. Predictions of temperature distribution along the cavity thickness at different times in
an asymmetrically heated sample calculated by Equations (1)–(4).

Figure 11 shows the time to cool down each layer in the temperature range 70–100 ◦C, that
corresponds to the temperature range within which the iPP crystallization takes place. The time
distributions (down to 70 ◦C and to 100 ◦C) are reported for both symmetric thermal conditions and
asymmetric thermal conditions.

286



Polymers 2017, 9, 585

Figure 11. Distributions of the times taken to cool down to 100 ◦C and to 70 ◦C on the unheated side of
the sample, calculated both for the T_off sample and for the asymmetrically heated sample.

The morphology distributions depend on the molecular stretch, which is determined, essentially,
by the filling flow and on the subsequent relaxation time that, in turn, depends on the temperature
evolution. As reported above, the surface heater was held active for three different times (namely, 0.5 s,
8 s and 18 s) after the contact of the melt with the cavity in position P2. The time 0.5 s corresponds to
the cavity filling time, 18 s corresponds to the dominant relaxation time at 150 ◦C evaluated under
processing conditions [37,38] and 8 s corresponds to about the time needed to reduce the distance from
the equilibrium temperature distribution by about 95 percent.

The thicknesses of the shear layers on the side held at 28 ◦C show a small dependence upon the
heating time (Figure 4). However, the asymmetric heating affects the evolution of temperature on
the whole thickness. Figure 10 shows that there is a significant thickness (of about 0.15 mm) on the
unheated mold surface where the cooling time results essentially unaffected by the mold heating on
the other side (Figure 11). As expected, on this layer the morphologies of all samples correspond to
that of the sample T_off, which experienced symmetrical cooling. Vice versa, the skin layer is not
observed on the heated side where cooling rate, although high, does not achieve the values of the
other side.

Deeper inside the unheated side, as shown in Figure 11, the cooling time during asymmetric
heating experiments becomes larger with respect to the symmetrical cooling. The packing flow in
the sample core, because of the higher temperature, remains active for a time longer than in the
symmetrical case. Consequently, the molecular stretch reaches values sufficient to achieve shear layer
thicknesses slightly wider than the thickness of the shear layer of the T_off case.

The micrographs reported in Figure 8 show that the morphology at the heated side changes
with the heating time. In particular, with 0.5 s heating time a small shear layer was detected, which
becomes thinner with 8 s and disappears with 18 s heating time. A parallel growth of the spherulitic
layer toward the surface takes place due to surface heating. These effects must be determined by
the gradual relaxation of the molecular stretch inside the polymer, while it is still in the molten state.
As a consequence, it can be concluded that at the heated surface the polymer crystallizes during the
fast cooling stages which follow the shutdown of the heating device.

The final mechanical properties are determined by the local structure, which obviously depends
upon the local molecular stretch and by the local structuring achieved during solidification.
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The structuring from a melt (where the molecules are randomly distributed and deeply entangled)
to a crystalline structured solid is a kinetic process and the structuring level enhances if more time is
available. The time available to the polymer for crystalline structuring increases as the cooling rate
(through the crystallization and related phenomena) decreases, thus for a given molecular stretch,
structuring improves as the distance from the cold surface increases. On the other hand, the intensity
of the molecular stretch (mainly generated by the shear intensity during the cavity filling) increases
from the sample center toward the sample surface. Applying such a reason to the whole cross section,
the moduli are expected to increase with the distance from the surface, due to the cooling rate decrease.
At the same time, they are expected to decrease with the distance from the surface, due to the stretch
decrease. The combination of these two factors is consistent with a maximum in between the symmetry
plane and the sample surface, as it can actually be observed in the Figures 8 and 9.

In the T_off conditions, the maximum within the shear layer is located closer to the spherulitic
layer rather than to the external border of the shear layer. The structuring is expected to be very poor
at both surfaces of the sample because of the extremely high cooling rate. On approaching the surfaces,
the modulus decreases especially where skin layers are observed. When the heating stage is active
the position of the maximum of the elastic modulus, on the unheated side, ends up being essentially
unaffected by the heating stage.

What has still to be discussed is the effect of the heating time on the values of the maximum of the
modulus within the shear layers. It is not a surprise that the moduli within the two shear layers on the
heated side (of the samples 120-05 and 120-8) follow similar paths (with clear small maxima) since both
of those layers crystallize during the fast cooling which follows the shutdown of the heating device.
The sample 120-18 does not show any maximum on the heated side since in this case the polymer
chains have enough time to relax and the shear layer is not observed.

On the unheated side, it has to be considered that the three samples (120-05, 120-8, 120-18)
experienced cooling histories that are very different one from the other. Furthermore, within each
test, the cooling histories through the crystallization are a function of the distance from the surface,
also within the shear layer. The temperature evolutions within the sample shown in Figure 10 were
calculated under the condition that the temperature on the heated side is held at 120 ◦C. However,
for the sample 120-05 the heating was interrupted soon after the end of the filling, i.e., 0.5 s. At that
time, the temperature distribution on the sample cross-section was already significantly different with
respect to the symmetrical cooling case (see the temperature distribution at t = 0.5 s, in Figure 10).
Furthermore, the sample surface will take a small but significant time to decrease to 28 ◦C, as shown in
Figure 2. As a consequence, the subsequent cooling through the crystallization on the unheated side
will be slowed down. This determines a larger time for structuring and thus it justifies the increase
(with respect to the symmetric case) of the maximum of the modulus inside the shear layer.

The other two samples, 120-8 and 120-18, undergo a first cooling toward the temperature of
the dotted line in Figure 10, and afterward their temperature remains essentially constant until the
heating shutdown and then they undergo a second cooling to the mold temperature after the heating
shutdown. At the end of the first cooling step the temperature becomes sufficiently small (45–60 ◦C at
0.6–0.8 mm distance from the heated wall) to assure that, in both conditions, the polymer crystallizes
in the time available.

It is well known that crystallization temperature during cooling decreases with the increase of the
cooling rate and increases by the effect of the flow, both effects increase toward the sample surface and
partially compensate each other. The crystallization of the α-phase of polypropylene has a maximum
rate at about 70 ◦C with a half crystallization time of about 2 s [39,40]. That time decreases of 1–2 orders
of magnitude by the effect of the flow, as a consequence the α crystallization temperature in a shear
layer has to take place in the interval 70–100 ◦C. The permanence time within that temperature interval
determines the time available, during cooling, for structuring during solidification, which in its turn
(for a given stretch) determines the material properties (the modulus in our case). The permanence
times within that temperature interval can be evaluated from Figure 11 also for the sample T_off.
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In particular, Figure 11 refers only to the unheated side. The permanence times are only slightly
dependent on the distance from the sample surface in the shear layer. However, in the internal zone of
the shear layer, the permanence times in the crystallization temperature range for the samples 120-8
and 120-18 show values clearly larger than those calculated for the sample T_off. This is consistent
with the findings related to the mechanical properties: the sample obtained with 120 ◦C mold surface
temperature shows higher maximum values of elastic modulus in the shear layer of the unheated side
with respect the shear layer of the T_off sample.

5. Conclusions

In this work, iPP samples were obtained by injection molding adopting a cavity with a surface
kept at a high temperature for different time periods (0.5 s, 8 s and 18 s) during the process. Resulting
molded samples have been mechanically characterized at different length-scales by indentation and
AFM HarmoniX.

The asymmetry of the thermal conditions on the mold surface completely changes the classical
skin-core structure shown by the samples. The three characteristic morphological layers, namely skin,
shear and core layer are affected in a different way by external heating. The core layer, generally
characterized by a spherulitic morphology with intermediate modulus, increases in thickness and
moves up to the heated sample side. The shear layers show different behaviors with respect to
the half-thickness position. The one closer to the heated side moves in the surface direction and
gradually decreases its thickness up to completely disappear for 18 s heating time. On the opposite,
the layer closer to the unheated surface slightly increases in dimension with respect to those formed in
a symmetrically cooled sample. The skin layer, characterized by loosely structured crystalline elements,
is practically unaffected on the unheated side, yet it disappears even for a very short heating time
(0.5 s) on the heated side.

Higher values of the modulus were found in the shear layers (especially those close to the
unheated side). Minimum and intermediate values were found in the skin and in the spherulitic
layers, respectively.

The variations of the modulus were interpreted on the basis of variations of both the molecular
stretch and the time available for molecular structuring: the cooling rate through the crystallization
determines the time available and thus affects the level of structuring achieved inside the solid.
The modulus increases with the increase of local structuring and molecular stretch.
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Abstract: This detailed study reveals the relation between structural evolution and the mechanical
response of α-, β- and γ-iPP. Uni-axial compression experiments, combined with in situ WAXD
measurements, allowed for the identification of the evolution phenomena in terms of phase
composition. Tensile experiments in combination with SAXS revealed orientation and voiding
phenomena, as well as structural evolution in the thickness of the lamellae and amorphous
layers. On the level of the crystallographic unit cell, the WAXD experiments provided insight
into the early stages of deformation. Moreover, transitions in the crystal phases taking place in the
larger deformation range and the orientation of crystal planes were monitored. At all stretching
temperatures, the crystallinity decreases upon deformation, and depending on the temperature,
different new structures are formed. Stretching at low temperatures leads to crystal destruction and
the formation of the oriented mesophase, independent of the initial polymorph. At high temperatures,
above Tαc, all polymorphs transform into oriented α-iPP. Small quantities of the initial structures
remain present in the material. The compression experiments, where localization phenomena are
excluded, show that these transformations take place at similar strains for all polymorphs. For the
post yield response, the strain hardening modulus is decisive for the mechanical behavior, as well
as for the orientation of lamellae and the evolution of void fraction and dimensions. β-iPP shows
by far the most intense voiding in the entire experimental temperature range. The macroscopic
localization behavior and strain at which the transition from disk-like void shapes, oriented with the
normal in tensile direction, into fibrillar structures takes place is directly correlated with the strain
hardening modulus.

Keywords: polymorphism; isotactic polypropylene; deformation; phase transitions; uniaxial
compression; uniaxial tensile deformation; temperature; in situ X-ray; cavitation

1. Introduction

Isotactic polypropylene (iPP) shows several crystal modifications (polymorphs) [1,2]. Depending
on chain architecture [3], additives [4] or the conditions experienced during processing [5] the formation
of either one of them can be enhanced. The structures most often found are the monoclinic α-,
the pseudo-hexagonal β- [6–8], the orthorhombic γ- [2,3,9,10] and the metastable meso-phase [11].
These crystals form a morphology in which the crystalline layers (lamellae) are alternated with amorphous
layers. In a recent study, the authors presented remarkable similarities in the yield and failure kinetics of
the α-, β- and γ-iPP, obtained from uni-axial compression experiments, even though the crystal structures
are very different [12]. For the intrinsic material response (true stress versus true strain), however,
some interesting differences were found, mainly in the post-yield behavior. It is well known that
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the softening and hardening of iPP, displayed in the region after yielding, involves a number of
structural modifications among which are crystal destruction/melting, orientation of the surviving
crystallites and the amorphous network and recrystallization (possibly in other crystal-phases [13–15]).
Furthermore, the typical alternating heterogeneous structure of a relatively soft amorphous domain
and a stiff crystal part introduces stress and strain concentrations on a local scale [16]. In the case
of uni-axial extension, this gives rise to an additional phenomenon. Due to the negative hydrostatic
pressure that develops while stretching, cavitation or voiding is initiated when the cavitation strength
of the amorphous phase, which is lower than that of the crystals, is exceeded [17].

From an engineering point of view, it is of great importance to understand the relation between
the various (micro- and meso-scale) structural features of the material and the behavior observed on a
macroscopic scale, and therefore, this has been the subject of several studies. The structural evolution of
α- [13,15,18–20], β- [21–24] and γ-iPP [14,21,25] was studied for several loading geometries. In general,
cavitation is observed in the case of uni-axial tensile deformation, and it was found to affect yield
stress and the properties at large strain tremendously.

Because of this strong coupling, Humbert et.al. investigated the initiation of voiding extensively [26]
and concluded that, depending on molecular topology and the micro-structural parameters, cavitation
can either proceed or follow the onset of plasticity. They related the type of cavitation, i.e.,
homogeneous or heterogeneous, to a critical lamellar thickness lcc. Below this thickness, the critical
shear stress for plastic crystal deformation is exceeded before cavitation takes place, while at higher
thickness, the critical stress for cavitation is exceeded before the crystals deform plastically. The effect
of lamellar thickness on cavitation found by Wang et al. [27] can be explained with this framework.
The influence of temperature was further investigated by Xiong et al. [28], who also modeled the
cavitation/shear competition successfully [29].

In all these studies, the amorphous material plays a crucial role, for example because it determines
the critical cavitation stress. Starting from that perspective, some studies were devoted to develop
techniques to quantify the Young’s modulus of the amorphous phase [30] and the strain hardening
modulus from tensile experiments [31]. The Young’s modulus of the amorphous phase in the initial
stages of deformation can be determined as shown by Xiong et al. [30], who used a procedure based
on in situ SAXS and WAXD tensile experiments. They found a decreasing Young’s modulus of
the amorphous network with increasing crystallinity and temperature. With respect to the strain
hardening modulus it is concluded that at large strains the role of the network is dominant over the
residual crystalline structures, particularly in the case of tensile deformation [32,33]. In this perspective
disentanglement induced cavitation at large strains, and void propagation via network relaxation were
investigated, as well [19,20], and found to be able to reduce the strain hardening modulus to a large
extent. Even in strongly oriented material, whitening as a result of cavitation can still occur. Subsequent to
voiding and the structure transformation into a fibrillated system, the amount of tie molecules is decisive
for the final strength before fracture/failure takes place, as is shown by Ishikawa et al. [34].

Besides the structural features (nanometer scale) and the loading conditions discussed before,
the relation between the crystal unit cell structure itself (Angstrom scale) and the cavitation process
is investigated for α- and β-iPP [35]. Using SEM techniques, they showed that α-spherulites show
micro-cracking in tensile loading. Cavitation takes place at the early stages of deformation and starts at
the spherulite boundaries or in the equatorial region [35]. Contrarily, the β-phase deforms plastically
up to high deformations. Cavitation starts in the center of the spherulite and subsequently propagates
to the equatorial regions [35]. Basic mechanisms like lamellar separation, plastic slip and crazing seem
to be involved. Due to the cross-hatched structures of α-iPP lamellae, an increased stiffness is reported
since crystalline domains are considered to form a connected physical network [35,36]. The resistance
against plastic flow is significantly less for β-iPP when compared to α-iPP, even at deformation
where the junctions of the cross hatched structures are destroyed. Therefore, intrinsic mechanical
properties of crystals are more likely to be involved in plastic behavior than their micro-structural
arrangement [13,36,37]. Due to reduced chain interactions and lower packing density in β-crystals,
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an enhanced chain mobility is obtained [36,37]. An important limitation of the SEM observation [35]
is that the assessed length scale is relatively large, especially compared to the data generated with
X-ray techniques.

Despite the large number of studies in this field, a detailed comparison between α-, β- and γ-iPP,
tested in the same conditions, is still missing. The deformation and resulting phase transitions, onset of
voiding, lamellar growth or destruction and the orientation are revealed in this work. Moreover,
the relation of events taking place at the nano- and micro-scale level with the macroscopically intrinsic
mechanical response is still unclear. Therefore, in this study in situ WAXD and SAXS experiments are
performed in combination with compression and tensile experiments. The compression experiments
allow one to investigate the phase transitions as a function of true stress and strain. Cavitation does not
occur in compression tests due to a positive hydrostatic pressure. Due to the experimental restrictions,
related to the compression setup blocking the diffracted X-ray, the maximal achievable compressive
strain is restricted to a true strain of about 80%. The tensile experiments allow one to deform the
material up to large strains and investigate voiding. The disadvantage is that it is difficult to relate
the phase transitions to true strain. The combination of the two mechanical tests, together with a
comparison of the different polymorphs deformed at the exact same conditions, offers a complete
overall picture.

This work provides insight on the sequence in which all these events, at the level of crystal
structure (Å-scale), lamellae (nm-scale) and voids (μm-scale), take place as a function of deformation
and temperature. It deals with the structural changes occurring in uni-axial compression and extension
of α-, β- and γ-iPP. This detailed picture of what happens upon deformation allows us to explain the
material behavior on a macroscopic scale in terms of micro-scale events. Since the amount of generated
data is rather large, a small overview of how the results are presented is given first:

• First, the mechanical response obtained from the tensile experiments is shown, together with the
calculated true stress as a function of the true strain. The behavior is discussed and compared
with the intrinsic material response measured in uni-axial compression.

• The structural evolution in terms of phase transitions, crystal plane orientation and slip is revealed
by WAXD experiments combined with uni-axial tensile tests. The crystal phase transitions are
measured in compression experiments, as well, allowing one to compare these results with the
ones obtained from tensile experiments (phase transitions) and couple them to the true strain.

• The combination of SAXS experiments with uni-axial tensile tests provided insights on the onset
of voiding, lamellar orientation and evolution of amorphous and lamellar thickness. Furthermore,
a transition of initially disk-like average void structure to a fibrillar structure was found.

2. Materials and Methods

2.1. Material and Sample Preparation

In this work, an isotactic polypropylene homo polymer was used (Sabic) with a weight averaged
molar mass Mw of 320 kg/mol and a polydispersity index Mw/Mn of 5.4. Sheets of iPP material with
a thickness of approximately 1 mm, containing monoclinic α-crystals, were prepared by compression
molding. The granular material was placed in a mold and heated to 230 ◦C, after which a pressure
of about 5 MPa was applied stepwise. The material was kept under these conditions for 10 min to
erase the thermo-mechanical history. Then, the solidification was induced by putting the mold in a
cold press (25 ◦C) for three minutes. The preparation of sheet material containing pseudo-hexagonal
β-crystals was done following the same procedure but with a material containing 0.1 wt % β-specific
nucleating agent (NJSTAR NU100, New Japan Chemical Group, Osaka, Japan). To obtain the
highest possible β-phase content, solidification was induced by cooling for 3 min in a press set
at a temperature of 90 ◦C, after which the sample was cooled further in ambient conditions to room
temperature. For the preparation of samples containing γ-crystals with an orthorhombic unit cell
structure, a custom build hydrostatic compression tool is used [12]. The temperature and pressure
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history, applied during processing, is given in Figure 1. The preparation procedure is based on the
work of Mezghani et al. [10]. First the temperature is increased to melt the iPP granulate. After erasing
the thermo-mechanical history and the remaining air, a pressure of 180 MPa is applied. Subsequently
the sample is slowly cooled to 150 ◦C, which is sufficiently low to crystallize (The melting temperature
increases approximately 30 ◦C for a pressure increase of 100 MPa [38] and thus the undercooling
increases with 30 ◦C). Finally, when the crystallization process is completed, the sample is cooled further
by blowing compressed air through the cooling channels. After reaching room temperature cylindrical
sheets of approximately 1 mm in thickness were taken out of the mold. All the iPP-sheets were stored
at room temperature for two months before tensile experiments were performed. Thick plates of α-, β-
and γ-iPP were prepared following the same sample preparation procedure as described in [12].

Figure 1. Schematic of the pressure-temperature protocol, used to prepare γ-iPP samples.

2.2. Mechanical Testing

Two loading geometries were used for mechanical testing procedures, i.e., uni-axial compression
and uni-axial tensile. Compression experiments were performed with a well defined constant true
strain rate. In this way true stress as a function of the true strain can be related to structural changes.
A special tool was developed to prevent the compression setup from blocking the diffracted intensity
during in situ X-ray measurements to the highest possible strain; see Figure 2.

Figure 2. Schematic representation of the compression setup, combined with in situ X-ray experiments.

The in situmechanical experiments were performed with a Zwick Z5.0 (Ulm, Germany) and the
cylindrically-shaped samples, with dimensions of Ø 3 × 3 mm2, were machined from the thick plates.
With a custom built oven, temperatures of 110 ◦C were applied. In the ex situ compression experiments,
performed on β- and γ-iPP, samples of Ø 6 × 6 mm2 were used. Since in uni-axial compression a
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true strain can be applied at a constant rate, and the true stress is measured, no geometrical affects
are expected. After the application of a true strain of about 80%, the experimental setup starts to
block the diffracted or scattered intensity. In order to study structural evolutions at higher strain,
tensile experiments were performed. In this way, structural changes, even the ones taking place far
beyond yielding, could be monitored. Furthermore, the onset and the evolution of the shape and
dimensions of voids can be measured during tensile deformation. A disadvantage is that it is not
possible to control the true strain rate. In tensile deformation the material deforms inhomogeneously
after reaching the yield point. To force the tensile sample to neck in front of the beam, dumbbell shaped
tensile bars were cut from the iPP-sheets, using a punch according to Figure 3. Another important
drawback is that the local strain of the material in the beam area, related to the observed patterns,
cannot be determined directly. However, an alternative approach will be explained in Section 2.3.4.
A Linkam TST 350 tensile stage (Tadworth, UK) is used to stretch the samples. Temperatures were
chosen at 25, 50, 80 and 110 ◦C respectively, while a stretching speed of 12 μm/s was applied, being
equivalent to an engineering strain rate of 8 × 10−4 s−1. The samples were stretched in horizontal
direction, schematically illustrated in Figure 3. In this schematic, the incident beam intensity I1 and
the intensity measured with the photo diode I2 are also indicated.

Figure 3. Schematic representation of the tensile setup, combined with in situ X-ray experiments.

Stretching the γ-iPP samples as prepared, resulted in brittle failure at temperatures below the
α-transition. Obviously, this is not desired from an experimental point of view. Therefore, the ductility
of the γ-iPP samples is improved with a thermal rejuvenation treatment just before the tensile
experiment. This turned out to be a successful method to obtain the formation and growth of a
stable neck. By keeping the sample for 300 s at a temperature of 85 ◦C, the constrained amorphous
domains in the vicinity of the crystals were rejuvenated, after which the samples were quenched to
room temperature. The drop in the yield stress resulting from this treatment is sufficient to obtain
ductile behavior [12,39,40].

2.3. X-ray Techniques and Analysis

X-ray experiments were carried out at the Dutch-Belgian beamline BM26 (DUBBLE) in the
European Synchrotron and Radiation Facility in Grenoble, France [41]. To monitor the structural
evolution upon stretching at the level of the unit cell, lamellae and voids, the same set of experiments
was repeated three times:

• The 2D WAXD patterns where recorded with a Frelon detector. This detector has a pixel size of
97.65 × 97.65 μm2 and was placed at approximately 140 mm from the sample. The acquisition
time was 2.5 s.

• The 2D SAXS patterns where recorded with a Pilatus 1 M detector. Simultaneously with these
patterns, a Pilatus 3 K was used to record WAXD patterns. From now on, we will refer to these
patterns as 1D WAXD-patterns. The pixel size of the Pilatus 1 M and 1 K was 172 × 172 μm2,
with a sample to detector distance of approximately 2707 mm (for SAXS) and 283 mm (for
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WAXD). At this distance the Porod region is included in the SAXS data. Again the acquisition
time was 2.5 s.

• Another set of 2D SAXS experiments were performed with a sample to detector distance of
approximately 7258 mm, allowing one to obtain scattering data at low q-values. Again these
frames where acquired simultaneously with 1D WAXD patterns, recorded with the Pilatus 3 K
placed at a distance of approximately 183 mm, and an acquisition time of 2.5 s.

• During the compression experiments, in situ WAXD patterns where recorded using a Frelon
detector. This detector is the same as the one used for the 2D WAXD experiments in tensile
deformation, but was now placed at approximately 200 mm from the sample. In this case the
acquisition time was 1 s.

The wavelength in all the experiments was λ = 1.033Å. The size of the beamspot was
approximately 0.3 × 1 mm2. The incident beam intensity I1 is measured using an ionization chamber
and the transmitted beam intensity I2 was measured with a photo diode

2.3.1. Data Reduction

To extract results from the X-ray experiments, the data have to be normalized and corrected.
In the case of the WAXD experiments a Frelon detector was used and as a result dark current Idc,
i.e., the signal recorded with a closed shutter, has to be subtracted. This is done on both the patterns
recorded with (Im) and without the sample (Ibkg). This correction is not needed for the patterns taken
with a Pilatus detector because of the absence of readout noise and dark current. To correct for the
air scattering the background Ibkg is subtracted. For proper subtraction Ibkg was first corrected for
the ratio I1/I1,bkg between the incident beam intensity and the background. Next, a correction factor
C = I1,bkg/I2,bkg is introduced to compensate for the fact that different devices were used to detect
the incident beam intensity I1 and the intensity recorded by the photo diode in the beam stop I2.
The correction for the attenuation due to the presence of a sample is then C · I2/I1. In the case of tensile
experiments the sample thickness dt decreases during the experiment and the transmission T is not
constant. To correct for these contributions, Equations (1) and (2) have to be used,

dt = μ · ln(I1,t/(C · I2,t)) (1)

T =
C · I2

I1
(2)

where μ is the absorption coefficient of the sample that can be determined from the intensity measured
for the initial sample thickness d0. Combining all the corrections results in [42]:

Icor =

(Im−Idc)
I1

− C · I2
I1

I1
I1,bkg

(Ibkg−Idc)

I1,bkg

T · dt
(3)

2.3.2. Phase Composition

The crystallographic structures of iPP display a unique diffraction pattern, with intense scattering
at angles that are related to specific crystal plane d-spacings by Bragg’s law. In Figure 4 typical 2D
diffraction patterns of isotropic α-, β- and γ-iPP are shown.
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(a) (b) (c)

Figure 4. 2D WAXD patterns of iPP, characteristic for (a) α-iPP; (b) β-iPP and (c) γ-iPP, as prepared for
this study . The diffraction peak unique for α-iPP is the third clear one going from the center towards
outside of the pattern. The same holds for γ-iPP, whereas the diffraction ringspecific for β-iPP is the
most clear one in the β pattern. All characteristic peaks are indicated in the figure.

The most clear diffractions of α-iPP come from the crystal planes corresponding to d-spacings
of 6.26Å (110), 5.24Å (040) 4.78Å (130) and 4.17Å/4.05Å (111)/(041). For the γ-iPP the 2D-pattern
looks similar and the biggest difference can be observed from the third diffraction ring. The crystal
planes and corresponding d-spacings are 6.39Å (111), 5.20Å (008) 4.38Å (117) and 4.17Å/4.05Å
(202)/(026). For β-iPP only two important diffraction peaks can be observed at d-spacings of 5.50Å
(300), 4.19Å (301) respectively. The arrows in Figure 4 indicate characteristic reflections of α-iPP
(Figure 4a), β-iPP (Figure 4b) and γ-iPP (Figure 4c). When these structures orient, the intensity
migrates azimuthally to specific angles where the diffracted intensity concentrates.

To obtain quantitative information about the phase composition upon stretching, the patterns
are radially integrated over an azimuthal angle of 180◦. Voigt functions were fitted to the integrated
1D patterns to quantify crystal fractions as a function of strain and temperature. As a first step of
the automated peak fitting procedure, the amorphous halo was fitted. After subtraction of the halo,
Voigt functions were fitted on the first frame of the series. Here, the sample consisted of almost
solely α-, β- or γ-iPP. Upon deformation the diffraction peaks can move to slightly higher or lower
q-values. Therefore, the initial peak positions were not fully constrained, and allowed to move over
a range of ± 0.25 nm−1. Peaks that are present at the initial peak positions (± 0.25 nm−1), were then
subtracted from the intensity pattern. After sufficient deformation, the residual signal can contain
additional peaks, resulting from the phase transitions. The newly formed peaks, that are subsequently
fitted, represent the characteristic diffraction of other crystal phases. Note that these are the only
reflections that can be clearly distinguished. The mesophase is defined as everything that is left after
the subtraction of the amorphous phase and all the crystal diffractions, and was also fitted with Voigt
functions. Finally, after fitting all the peaks of an integrated WAXD pattern, an additional optimization
routine was used to fit the exact height and position of the crystal diffraction peaks. In this optimization
run, the shape of the peaks was constrained to the values determined in the first peak fitting routine.
The expected error that is made for this kind of fitting procedures can in general easily be in the order
of 5% to 10%. Within this study, the data are treated the same way every time, and the fitting is done
according to a consistent procedure. When comparing between the different results, this consistency is
believed to be the most important feature for reducing the relative errors, made in the determination
of the phase composition.

In Figure 5a,b two typical examples of a deconvoluted signal of γ-iPP are shown. The first one,
Figure 5a, is the sample at room temperature prior to deformation and the second one, Figure 5b, is the
sample after deformation (last image in top row of Figure 15).
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(a) (b)

Figure 5. (a) An example of a deconvoluted undeformed γ-iPP sample and (b) a deformed γ-iPP
sample, stretched at 25 ◦C. The dashed black line is the amorphous halo, the dotted gray lines are the
peak fittings, the solid gray line represents the mesophase and the solid black line is the sum of the
fitted peaks. The red markers represent the radially integrated pattern obtained from the experiments.

The dashed black line in this figure is the amorphous halo that was fitted to the pattern to
determine the weight fraction of the crystallinity according to:

χw =
Atot − Aa

Atot
(4)

where Atot is the total diffracted intensity (integrated area) and Aa is the integrated area of the scaled
amorphous halo (determined on quenched low tacticity iPP with negligible crystallinity). The dotted
gray lines represent Voigt functions that were fitted on the diffraction peaks and used to determine the
weight fraction of α-, β-, γ- or meso-iPP according to:

χi = χw ·
(

Ai
Aα + Aβ + Aγ + Ameso

)
(5)

where Aα, Aβ and Aγ are the surfaces corresponding to the characteristic α-,β- and γ-reflections
of the (110), (300) and (111) planes respectively. Ameso refers to the area of the two mesophase
peaks. In Figure 5, the gray lines correspond to this latter phase and, together with the amorphous
part (black dashed lines) and the crystal reflections (dotted gray lines), the total (black line) fits the
measured patterns very well. The weight fraction of α-, β- and γ-iPP, as well as the crystallinity χw,
is a mass percentage because the diffraction is proportional to the number of diffracting centers, i.e.,
the number of crystals, and hence the mass.

2.3.3. Determination of lp, lc and la

Two different methods are used to obtain the long period, the lamellar thickness and the thickness
of the amorphous layer. The first one is based on Bragg’s law and follows from the integrated Lorentz
corrected scattering (SAXS) intensity, given by:

I1(q) = I(q)q2 (6)

where I is the intensity and q is the scattering vector. The long period then follows via:

lp =
2π

qI1,max
(7)
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with qI1,max the maximum of the Lorentz corrected intensity. Since the long period is constructed of
an amorphous volume and a crystalline volume , it is straightforward that the lamellar thickness lc
follows from:

lc =
2π

qI1,max
χ (8)

where χ is the volume percentage of the crystallinity. This percentage is obtained from WAXD
experiments via [32] :

χ =

χw
ρc

χw
ρc

+ 1−χw
ρa

(9)

In this equation the mass fraction of crystals, χw, follows from Equation (4). The amorphous layer
thickness can then easily be obtained by subtraction of the lamellar thickness from the long period:

la = lp − lc (10)

An alternative way to determine these quantities is via the 1D auto-correlation function
γ1(r) [43,44]. For spherical symmetry this can be calculated with:

γ1(r) =
1
Q

q∞∫
q0

I1(q)cos(qr)dq, (11)

where r is the real space and Q is the scattering invariant defined by:

Q =

q∞∫
q0

I1(q)dq, (12)

To extrapolate the experimentally assessed range of the scattering vector, Debye-Bueche [45] and
the Porod law [46] are used, respectively. The long period, amorphous layer thickness and lamellar
thickness were then determined as described by Stein et al. [47]. The most important difference
between the determination of these quantities via Bragg’s law and the auto-correlation function is that
the latter one gives higher values for the lamellar thickness, and thus lower values for the amorphous
domain thickness. This originates from the interface between the two phases which is more dense than
the bulk amorphous parts and therefore considered to be part of the lamellae in the approach using
the autocorrelation function.

Lamellar quantities like the long period lp can be determined from the scattering in either
the meridional region, or the equatorial region, parallel and perpendicular to the tensile direction
respectively (see Figure 6).

Figure 6. Regions used for radial integration of the SAXS patterns.
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This allows one to distinct between these features in either the tensile direction (integration of
the meridional region) or the transverse direction (integration of the equatorial region). Obviously,
this is only of interest at relatively low strains before lamellae start to break, voiding takes place or,
depending on the temperature, the material recrystallizes.

2.3.4. Determination of the Strain

Due to the shape of the tensile samples and the inhomogeneous deformation after yielding,
the true strain of the sample volume in front of the X-ray beam cannot be calculated directly from the
applied engineering strain. However, the X-ray data can also be used to determine the draw ratio
of the sample volume in front of the beam [48]. This allows us to obtain all structural parameters
as a function of actual deformation. It should be noticed that, although we intended to create an
uni-axial deformation, this was not guaranteed due to the initial sample shape, which was forced by
the experimental conditions (i.e., the start of a neck in a known position where the beam is positioned),
and the complex plastic deformation mechanisms accompanied with localization phenomena and
crystal phase transitions. Moreover, the deformation mode (anything between uni-axial and planar)
can change during the deformation path and these changes can be temperature, deformation rate,
void formation and phase dependent. To deal with this complex situation we will analyze our
experimental data by considering two limiting cases: pure uni-axial and pure planar deformation.

To determine the true strain, the draw ratio λl in the tensile direction, defined as:

λl =
lt
l0

(13)

should be calculated first. Here, l0 is the initial length of an arbitrary volume in front of the beam at
t = 0, and lt is the length at time t. If we now assume incompressibility, we get:

l0w0d0 = ltwtdt (14)

Combining this with Equation (13), and with the assumption of uni-axial deformation, i.e.,
the contraction in the tensile-, width- and thickness direction is equal, the width at t = 0 (w0) and at
time t (wt) can be substituted by the thickness d0 and dt respectively, and Equation (15) can then be
applied to obtain the actual draw ratio. This calculated ratio is resulting from the decrease of polymeric
material in the beam area. Throughout the entire stretching process and the associated deformation of
the test specimen, the sample remains larger than the X-ray beam. The latter one has dimensions of
0.3 × 1 mm2, which is clearly smaller than the final sample dimensions.

λl,uni =
1

λ2
d
= (

d0

dt
)2 (15)

The sample thickness at time t, defined as dt, can be straightforwardly calculated using
Equation (1), and at time t = 0 the initial thickness d0 follows from [48]:

d0 = μln(I1,t=0/(C · I2,t=0)) (16)

Substitution of Equations (1) and (16) into Equation (15) allows us to determine the draw ratio on
the local level of the beam spot, without determination of μ. This ratio is determined on a homogenized
volume since the beam dimensions are much larger than the spherulites and the lamellae. To calculate
the draw ratio for plane strain conditions, Equation (17) is used.

λl,pl =
1

λd
= (

d0

dt
) (17)
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In this case, the draw ratio in tensile direction equals the draw ratio in thickness direction, but the
sample width remains constant upon stretching. The true strain and true stress then follow via:

εtrue,n = ln(λl,n) (18)

and:
σtrue,n = σe · λl,n (19)

for both the assumptions of uni-axial deformation and plane strain conditions. In the latter equation,
σe is the engineering stress. The subscript n in this equation denotes either uni-axial deformation or
plane strain conditions.

The approach presented here, which is based on the intensity drop as a result of the sample
presence, can be used if the following assumption holds:

I1 = Itrm + Ir f l + Iabs + Isct ≈ Itrm + Iabs (20)

where I1 is the incident beam intensity, Itrm is the transmitted intensity which is measured with
the photo-diode, Ir f l is the reflected intensity, Iabs is the absorbed intensity and Isct is the scattered
intensity. However, if voids appear, large density differences are introduced and as a result the
scattered part of the intensity is no longer negligible with respect to the transmitted part. Since the
scattering from the voids takes place under a very small angle (due to the relatively large length scales
involved), the intensity measured in the photo diode during the WAXD experiments is the sum of
the scattering due to the voids, and the transmission. This means that for the WAXD experiments the
transmitted intensity can be determined even if voids appear, and Equations (1) and (16) can be applied.
To obtain the strain for the SAXS experiments, where this is not the case, simultaneously recorded
WAXD patterns (Pilatus 3 K) were linked to the 2D-WAXD patterns via superposition, indicated with
the rectangular section in Figure 7a. The white lines indicate the slice-shaped area used for radial
integration. In Figure 7b, an example of the relation of the SAXS frames as a function of the WAXD
frames is shown. The color represents the relative difference between the scaled integrated intensity as
a function of the scattering vector q of the 2D- and the 1D WAXD patterns. The red markers highlight
the minimum. With this coupling, determined for all sets of SAXS-, and their corresponding WAXD
experiments, the evolution in sample thickness can be obtained.

(a) (b)

Figure 7. (a) Example of a WAXD pattern measured with the Frelon detector. In the inset the WAXD
pattern measured simultaneously with SAXS is put into the 2D WAXD pattern; (b) An example of a
figure used to find the minimal difference between the two WAXD patterns. Numbers on the axes
indicate the frame number.
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On a very local level, an estimate for the strain can be deduced from the changing distance between
the crystal planes. Upon stretching, the evolving d-spacing can be used, similar to Xiong et al. [30]
according to:

εd−space =
dhkl − dhkl,0

dhkl,0
(21)

to express the evolution in terms of a strain. In this equation dhkl is the d-spacing of a specific plane hkl
in time, and dhkl,0 is the spacing at time t = 0.

2.3.5. Void Fraction

Initially the scattering is caused by the crystals and amorphous phase, but upon deformation,
voids appear, and the scattering resulting from these voids becomes dominant. This is accompanied
by a strong increase in the scattering invariant due to the large difference in the density of the material
and a void. For the calculation of the scattering invariant, cylindrical symmetry is assumed in the
loading direction. The normalized scattering invariant is then given by [42]:

Q
Q0

=

∞∫
−∞

∞∫
0

Icor(qx, qy)qydqxdqy

∞∫
−∞

∞∫
0

Icor,t=0(qx, qy)qydqxdqy

(22)

where qy and qx are the scattering vector in vertical and horizontal direction respectively. Q0 is the
invariant at time t = 0, prior to deformation.

Under the assumption that the we start from a situation without cavities, the void fraction can be
calculated directly form the invariant according to [42]:

φv =

[
Q
Q0

− 1
]
·
[

χρ2
c + (1 − χ)ρ2

a
χ(1 − χ)(ρc − ρa)2 − 1

]−1

(23)

with ρc the crystal density, given by:

ρc =
χα

χ
· ρα +

χβ

χ
· ρβ +

χγ

χ
· ργ +

χmeso

χ
· ρmeso (24)

where χi is the mass fraction of crystal phase i, with density ρi (i ∼ α, β, γ, meso). The values used for
the density of the specific crystal phases are given in Table 1, as well as the density of the amorphous
phase. The fractions can be obtained from Equation (5).

Table 1. List of densities used in Equation (24).

α β γ meso amorphous

ρ (kg/m3) 946 921 938 880 850

3. Results and Discussion

Several strain and stress definitions are used in this study depending on the type of results
presented. The engineering stress σe and strain εapp (also referred to as apparent macroscopic strain)
are calculated with the initial gauge length and the initial cross sectional area. These are used when
we intend to link structural transitions to the macroscopically observed tensile behavior. When we
want to clarify transitions, the true stress σtrue and strain εtrue are sometimes used. To obtain the strain
hardening modulus we use λ2 − 1/λ as a strain measure [39] and finally, for the strain determined at
the local scale of the lamellae, εl is used.
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3.1. The Mechanical Response

3.1.1. Tensile Tests (Mechanical)

In Figure 8a,c,e, the engineering stress as a function of macroscopic apparent strain is shown
for tensile tests, performed on different iPP-polymorphs and at multiple temperatures. Initially,
linear elastic behavior can be observed, but with increasing strain and stress the deformation becomes
plastic, ultimately leading to yield. Temperature facilitates the mobility and, therefore, has a reducing
effect on the resistance against yielding. This can also be seen in Table 2, where an overview of the
obtained yield stresses at different temperatures is given for α-, β- and γ-iPP.

Table 2. Yield stresses obtained in the tensile experiments.

25 ◦C 50 ◦C 80 ◦C 110 ◦C

σy of α-iPP (MPa) 32.0 22.3 12.6 8.4
σy of β-iPP (MPa) 28.5 20.4 13.2 7.9
σy of γ-iPP (MPa) 32.3 22.8 13.6 7.9

The two limiting cases of uni-axial extension and plane strain of α-, β- and γ-iPP are shown in
Figure 8b,d,f. Up to yielding, where the deformation is close to homogeneous, the discrepancy between
uniaxial and planar deformation is mainly observed in the initial elastic stiffness. After yielding a
cross-over takes place and, depending on the amount of softening seen in the engineering stress,
the uni-axial response increasingly deviates from the plane strain response. For β-iPP, with almost no
softening, the difference is rather small.

Although in agreement with the findings presented by G’Sell et al. [49], the true stress-true strain
results obtained in the tensile experiments are different from the ones from uni-axial compression,
where softening is observed and the yield stress is much higher (see Figures 9a and 10a). First of
all, this discrepancy can result from the formation of cavities, that can develop due to negative
hydrostatic stresses in the case of the tensile experiments. The cavities appear on a local level
and cause macroscopic softening to (partially) disappear [50], even though locally the softening
is maintained. This phenomenon is called sequential yielding and can start prior to macroscopic
yield, as will be shown in the following sections. Second, the stress and strain fields in a tensile
experiment can become highly inhomogeneous after yield, and cause the sample to deform with a
variable strain rate. As soon as the sample softens, locally the strain rate strongly increases. This has
a reducing effect on the amount of softening observed in the macroscopic mechanical response.
Finally, the sample preparation procedure is slightly different for compression and tensile experiments,
also having a minor effect. In order to prepare compression samples, slightly thicker plates were
compression molded. Because of that, the average cooling rates upon quenching in a cold press
are slightly lower. This could lead to small differences in crystallization temperature and lamellar
thickness, which manifests itself in the mechanical response in terms of the observed yield stress [51].
Furthermore, extreme differences in cooling rate and crystallization temperature can also have an
affect on the strain hardening modulus [32]. In this case, however, the differences in processing are so
minor, that it is assumed that it can be neglected.
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(a) (b)

(c) (d)

(e) (f)

Figure 8. (a,c,e) The engineering stress as a function of the apparent strain for α-, β- and γ-iPP tensile
experiments respectively, stretched at different temperatures and a rate of 12 μm/s; (b,d,f) The true
stress as a function of true strain, corresponding to figure (a,c,e). The thick solid lines are calculated for
the assumption of uni-axial deformation and the thin lines for plane strain. The markers in the figures
correspond to the 2D WAXD and SAXS images, shown in the following sections.

3.1.2. Compression Tests (Mechanical)

Since the amorphous network is crucial for the mechanical response at high strains [33], the strain
hardening modulus Gr is determined from compression experiments. From tensile experiments it is
not possible to find a qualitative value for the hardening modulus due to the difficulties discussed
before. The compression experiments, on the other hand, are perfectly suitable for this goal since
localization phenomena are excluded and a well defined constant true strain rate can be applied.
Consequently, the intrinsic true stress and true strain can be obtained and the strain hardening
modulus can straightforwardly be determined according to Haward [39]. In Figure 9b a Gaussian
plot, i.e., the true stress as a function of λ2 − 1/λ, is shown, for α-, β- and γ-iPP compressed at
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room temperature with a true strain rate of 10−3 s−1. The dashed lines are compression experiments
performed under the same loading conditions, but on thermally rejuvenated samples as explained
in our previous work [12]. Linear fits, determined in the hardening regime, are represented by the
dotted lines. These slopes give an estimation for the strain hardening modulus Gr. It is clear that
β-iPP has the highest strain hardening modulus (4.2 MPa) and α-iPP the lowest (2.2 MPa). The strain
hardening modulus of the γ-iPP is in between (3.5 MPa). Moreover, the thermal rejuvenation treatment
does not seem to affect the hardening (in this strain regime), but reduces the softening significantly.
Good agreement is found when comparing the hardening modulus of α-iPP with the results reported
by Schrauwen et al. [32] and Haward [39]. To the knowledge of the authors no research has been
devoted to the determination of hardening moduli for β- and γ-iPP.

(a) (b)

Figure 9. (a) True stress-true strain curves for α-, β- and γ-iPP. The results are obtained from uni-axial
compression experiments at a strain rate of 10−3 s−1 and a temperature of 23 ◦C on samples with
a dimension of Ø6 × 6 mm2 (β- and γ-iPP) or Ø3 × 3 mm2 (α-iPP). The dashed lines are the true
stress-true strain response obtained on thermally rejuvenated samples; (b) The corresponding Gaussian
plots for α-, β- and γ-iPP. The dotted lines represent the strain hardening moduli Gr.

In our previous work [12] we showed that the contribution of the constrained amorphous phase to
the effect of thermal rejuvenation on the yield stress, is almost similar for α- and β-iPP, independent of
the strain rate. This thermal rejuvenation treatment has no effect on the hardening modulus, see Figure 9b,
but mainly leads to a reduction in the true stress-true strain response at strains around yielding. After
yielding the thermally rejuvenated samples coincide again with the aged samples. This observation is in
good agreement with the behavior typically observed in aged and, either thermally or mechanically,
rejuvenated amorphous polymers [52].

Softening after yielding is a property of an amorphous glassy material. The degree of softening is
a direct consequence of the amount of aging a sample has experienced, prior to the mechanical testing.
In the case of iPP, at a temperature above the glass transition of the bulk material, and below the
melting temperature of the crystals, softening is related to the constrained amorphous phase (which
is considered to be in a glassy state). In the vicinity of the relatively immobile crystalline domains,
the mobility of the amorphous material is strongly reduced. The extent of the constraints can depend
on a number of morphological and crystallographic features. The strength of the secondary interactions
in the crystal is related to the density, which is the lowest in case of β-iPP (see Table 1). The lamellar
thickness and the density of crystal defects also affect the strength of the constraints. Furthermore,
the crossed stacking of chains within the lamellae of γ-iPP is also positively contributing to the
constraints. All these constraints are directly coupled to the properties of the crystal. With thermal
rejuvenation softening partially disappears. Particularly in γ-iPP a large reduction in yield stress is
found, but also in α- and β-iPP a decrease is observed, indicating that the iPP contains constrained
amorphous material in all three crystal phases. At 110 ◦C, where the constrained amorphous material
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is mobile (above the αc-relaxation temperature), both α- and γ-iPP still show some remaining softening,
see Figure 10. This means that as a result of deformation, the structural integrity further deteriorates
after yielding. As can be observed from Figure 20 in Section 3.2.2, this is not governed by a large
reduction in crystallinity. Moreover, this reduction is very similar for the β-iPP. Based on these
observations it could be hypothesized that the break-down of the cross hatched crystal network is
responsible for the softening in α- and γ-iPP, without destroying the crystals themselves, since these
structures are typically present in these polymorphic forms [2,53,54]. In this perspective, the absence of
these structures in the case of β-iPP could explain why the mechanical response displays no softening.
The trends in the strain hardening moduli at 110 ◦C are similar to that at 25 ◦C.

(a) (b)

Figure 10. (a) The solid lines are the true stress as a function of the true strain obtained from uniaxial
compression experiments on α-, β- and γ-iPP, measured at a strain rate of 10−3 s−1 and a temperature
of 110 ◦C on samples with a dimension of Ø6 × 6 mm2 (β- and γ-iPP) or Ø3 × 3 mm2 (α-iPP);
(b) The corresponding Gaussian plots for α-, β- and γ-iPP. The dotted lines represent the strain
hardening moduli Gr.

To summarize, from the mechanical behavior in uni-axial compression it is hypothesized that the
intrinsic softening observed in polypropylene is an effect, mainly resulting from the constrained
amorphous domains in the vicinity of the crystals. However, as follows from the compression
experiments performed at 110 ◦C, combined with the results of the WAXD experiments presented in
Section 3.2.2, suggests that the constraints implied by the cross-hatched structures, present in α- and
γ-iPP, also contribute to the softening.

3.2. WAXD Analysis

3.2.1. Tensile Tests (WAXD)

Figure 11 shows the evolution of the α-iPP crystal structure during tensile testing in terms of the
normalized 2D WAXD patterns, as a function of strain for 4 different temperatures. Since most of the
structural changes take place in the macroscopically observed softening regime, i.e., in a small apparent
strain range, it is chosen to depict the changes as a function of uniaxial true strain for clarity reasons.
The patterns depicted here correspond to the markers in Figure 8. Initially, before straining the sample,
an isotropic diffraction pattern is observed which clearly shows the monoclinic α-phase reflections.
Upon straining the sample, the pattern becomes slightly elliptical, indicating that the d-spacings of
the crystals in the polar regions are extended whereas the distances in the equatorial regions reduce.
As a result of further straining, the reflections become less pronounced and the scattering intensity
migrates to certain angles, indicating (strong) orientation. At high elongation at room temperature a
transition from α-iPP to oriented mesophase can be observed [55], whereas at high temperatures the
isotropic α-iPP transforms to a strongly oriented α configuration.

307



Polymers 2017, 9, 547

This azimuthal orientation is investigated in more detail by integrating the (110) diffraction peak
over an angle ranging from 0 to 180◦. An angle of 90◦ represents the equator, while 0 and 180◦ are
the polar regions. This integration was carried out for α-iPP stretched at the lowest and the highest
temperature, i.e., corresponding to the top and bottom row in Figure 11, and the results are given in
Figure 12. Due to the strong orientation and the high intensity at an azimuth of 90◦ the minor effects at
lower strains are unclear. In the inset an enlarged plot of this region is shown. The intensity transforms
from nearly isotropic in the initial stage of deformation to a slightly oriented state prior to yielding.

Figure 11. Normalized 2D WAXD patterns of α-iPP stretched at temperatures of 25, 50, 80 and 110 ◦C
from top to bottom. The true strains, determined with the assumption of fully uni-axial deformation,
are given as well. The macroscopic strains at which the patterns were taken are indicated by the
markers in Figure 8. The stretching direction is horizontal.

(a) (b)

Figure 12. Azimuthal spread of the (110) diffraction of α-iPP at various strains; (a) uni-axial stretching
at 25 ◦C and (b) 110 ◦C. The numbers in the legend correspond to the 2D patterns in Figure 11.

Straining the sample further leads to selective melting and recrystallization, and orientation of
“old crystals” into a strongly oriented mesophase at 25 ◦C, and α-phase at 110 ◦C. The peak in the
azimuthal integration, representative for these oriented structures shows up first in the yield point
and evolves in the softening and hardening regions thereafter. Small intensity maxima at 10◦ and
170◦ degrees, observed in the material stretched at 110 ◦C, indicate the survival or appearance of
cross-hatched structures in the stretched sample [56].

A similar figure can be made for β-iPP, see Figure 13. In the initial stages of deformation the
isotropic diffraction rings resulting from the pseudo-hexagonal β-phase structure become elliptical due
to the (elastic) deformation. Contrary to α-iPP at room temperature, the diffraction of the β-iPP crystals
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present in the initial isotropic crystal structure seems to be partially maintained during stretching.
The diffraction of the β-iPP is more intense than the reflections of the α- and γ-iPP. The scaling of
all 2D-WAXD images in this work is the same, and as a result, a larger part of the crystals has to
be destroyed to get rid of the β-diffraction peaks. Moreover, due to different localization behavior,
the uni-axial true strain belonging to β-iPP in front of the beam is lower than for α- and γ-iPP, even if
the same amount of macroscopic strain is applied. Consequently, after finishing an experiment that is
stopped at the same macroscopic strain for all iPP samples, the actual true strain reached by β-iPP in
front of the beam is clearly lower. This makes a direct comparison complicated. The other part of the
initial structure that is destroyed forms new oriented structures. At room temperature the diffracted
intensity appears at positions typical for oriented mesophase. At elevated temperature and upon
deformation, a transition from β-crystals to oriented and more stable α-crystals takes place.

Figure 13. Normalized 2D-patterns of β-iPP stretched at temperatures of 25, 50, 80 and 110 ◦C from
top to bottom. The true strains, determined with the assumption of fully uni-axial deformation, are
given as well. The macroscopic strains at which the patterns were taken are indicated by the markers
in Figure 8. The stretching direction is horizontal.

From an azimuthal integration over the (300) diffraction peak of β-iPP, deformed at 25 and 110 ◦C
(Figure 14), it becomes clear that the amount of material involved in partial melting and/or orientation
is much less (as a function of apparent macroscopic strain) as compared to α-iPP. Only in the last few
frames a clear decrease in the intensity at an azimuth of 0 and 180◦ is observed. The deformation
of the initial structure to preferred orientations on the other hand, continues also after the yield
point (frame 3). At room temperature, as well as at 110 ◦C, the first evidence of recrystallization in a
new oriented phase is found in frame 5, corresponding to deformation well beyond the macroscopic
yield point.
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(a) (b)

Figure 14. Azimuthal spread of the (300) diffraction of β-iPP at various strains. (a) uni-axial stretching
at 25 ◦C and (b) 110 ◦C. The numbers in the legend correspond to the 2D patterns in Figure 13.

The reflections of the orthorhombic γ-phase become very vague upon deformation at 25 ◦C,
and the scattering transforms into a pattern indicative for oriented mesophase, see Figure 15.
Stretching at 50 ◦C result is a similar response, however, besides mesophase some small amounts of
oriented α-iPP seems to be formed. Elongation at 80 and 100 ◦C results in a transition of isotropic
γ-iPP into strongly oriented α-iPP. All these transitions take place after yielding. These 2D-patterns
provide qualitative information about the orientation resulting from the stretching.

Figure 15. Normalized 2D-patterns of γ-iPP stretched at temperatures of 25, 50, 80 and 110 ◦C from
top to bottom. The true strains, determined with the assumption of fully uni-axial deformation, are
given as well. The macroscopic strains at which the patterns were taken are indicated by the markers
in Figure 8. The stretching direction is horizontal.

The azimuthal scan of the (111) peak and the evolution as a result of the deformation is given
in Figure 16, for the γ-samples deformed at 25 and 110 ◦C. Interestingly, the intensity remains rather
isotropic until the onset of the softening after yielding (frame 5–7). The absence of the off-axis
orientation means that the γ-crystals do not allow for partial orientation of the initial crystallites.
After yielding, when selective melting and recrystallization takes place, the intensity of the (111) peak
in the polar regions starts to decrease and the newly formed structures appear at an azimuth of 90◦.
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(a) (b)

Figure 16. Azimuthal spread of the (111) diffraction of γ-iPP at various strains. (a) uni-axial stretching
at 25 ◦C and (b) 110 ◦C. The numbers in the legend correspond to the 2D patterns in Figure 15.

In Figure 17 the results of radial integration of the patterns measured on all crystal phases,
stretched at testing temperatures of 25 and 110 ◦C are plotted as a function of the scattering vector
q and the true strain εtrue. At 25 ◦C the reflections of α- and γ-iPP become less intense and broaden,
particularly in the macroscopic softening region, corresponding to true strains of about 0.2 to 2 [-].
The β-crystals, on the other hand, seem to maintain their crystallographic structure, and the biggest
change observed is broadening of the peaks. At 25 ◦C and high strain, α- and γ-iPP eventually
transform into a 1D intensity typical for the mesophase. In the figures corresponding to elongation
at 110 ◦C it is evident that the α-reflection seems to be maintained rather well, whereas for β and
γ-iPP the characteristic reflections disappear, simultaneously with the appearance of the α-reflection.
The reflections remain sharp with well defined peaks up to high true strains.

(a) (b) (c)

(d) (e) (f)

Figure 17. The integrated intensity as a function of the scattering vector q. From (a–c) we see the
evolution of the crystallinity upon stretching at 25 ◦C of the α-, β- and γ-iPP respectively. Similar
results, obtained from stretching experiments performed at 110 ◦C, are shown in (d–f). The structural
evolution is given as a function of the true strain.

311



Polymers 2017, 9, 547

The results of the approach, discussed in Section 2.3.2, to quantify the crystal phase composition,
are given in Figure 18. Here, together with the apparent macroscopic stress-strain response, the phase
content of the samples deformed at 25 and 110 ◦C, is shown as function of the macroscopic strain.
Results of tensile experiments performed at 50 and 80 ◦C can be found in the Appendix Figure A1.

The difference in the structural evolution at room temperature of the α-, β- and γ-samples that
immediately draws the attention is the strong and drastic crystal destruction during the macroscopic
softening for α- and γ-iPP, which is contrasting to the slow and gradual changes in β-iPP. In α-iPP,
almost all the crystals that are initially present in the sample are being destroyed at low temperatures
(25 ◦C), and either transform to oriented mesophase or amorphous phase. At higher temperatures,
the amount of newly formed mesophase is lower and ultimately, at a drawing temperature of 110 ◦C
reduces to zero. At the highest temperatures the α-iPP fraction slightly changes, however, based
on the results presented in Figure 12 it is known that the crystals partially melt and orient, and
that the sample subsequently recrystallizes. The gradual transitions observed upon deformation
of β-iPP are also observed at elevated temperatures. Where the transition at low temperatures
is mainly from β to amorphous or mesophase, the recrystallization at elevated temperature gives
α-iPP. The overall crystallinity slightly decreases at all drawing temperatures. The γ-iPP transforms
partially to α-iPP already at a temperature of 50 ◦C (see the Supporting Information). With increasing
temperature the fraction of γ- transforming to α-phase increases, until a temperature of 110 ◦C
where this transition takes place exclusively. To summarize, at low temperatures all polymorphs
are being partially destroyed and form amorphous material or oriented mesophase, while at high
temperatures all polymorphs transform to oriented α-iPP. In any case the crystallinity slightly decreases.
The structural changes observed from X-ray and the coupling to the apparent macroscopic response
are affected by geometric effects, rather than pure deformation, due to localization effects. Therefore,
in Section 3.2.2, these transitions are investigated by means of uni-axial compression.

For crystal phase transitions to take place, the chains within the crystal structures need to have
a certain amount of mobility, induced by either the applied temperature or stress. From the results
presented in Figure 18 it is clear that this mobility is mainly achieved after the yield point. From that
point on, the material is able to partially melt and form new oriented structures. The deformation at this
stage is plastic. In order to determine the onset of plastic deformation in the crystal, the evolution of the
d-spacing is used. The increasing distance between crystal planes in the polar regions of the diffraction
pattern is reflected in the d-spacing and thus, the peak positions observed in the WAXD frames.
In Figure 19, this evolution in d-spacing is depicted in terms of a strain obtained from Equation (21),
and presented as a function of the macroscopically applied strain εapp.

As expected for purely elastic behavior, a linear increase in the εd−space is obtained first.
Subsequently this increase levels off, indicating that the further increasing stress, transmitted on
the crystals, no longer results in the same increase in d-spacing. This leveling off is clearly observed
prior to yielding and can be interpreted as the onset of collective stress-induced α-relaxation. Therefore,
the onset of this deviation marks the beginning of crystal plasticity. In the case of β-iPP this transition
takes place at low macroscopic strains compared to α- and γ-iPP. The transition correlates to a
combination of morphological features like density of the crystal on one hand, and lamellar thickness
on the other hand. In α- and γ-iPP, the crystals have a similar thickness (see Section 3.3) and density
(Table 1). The crossed stacking of chains in the γ-iPP lamellae seems to slightly postpone plastic
deformation as well. Note that prior to yielding this comparison can be made since the deformation is
(close to) homogeneous.

312



Polymers 2017, 9, 547

(a) (b)

(c) (d)

(e) (f)

Figure 18. The crystal phase fractions obtained from the WAXD experiments. In (a,c,e) we see the
evolution of the crystallinity and phase fractions upon stretching at 25 ◦C. Figure (b,d,f) show the
result of the tensile experiments performed at 110 ◦C. From top to bottom we see α-, β- and γ-iPP.
The solid lines are the macroscopic engineering stress as a function of the apparent macroscopic strain.
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(a) (b)

(c) (d)

(e) (f)

Figure 19. The increase of the distance between crystal planes of (a,b) α-iPP; (c,d) β-iPP and (e,f) γ-iPP.
The strain at which the distance between the crystal planes no longer increases following the initial
slope is associated with the onset of the plastic deformation. Figure (a,c,e) are obtained from tensile
tests performed at 25 ◦C, while (b,d,f) are taken at 110 ◦C.

3.2.2. Compression Tests (WAXD)

Since all the phase transitions are depicted as a function of the macroscopic tensile strain, the question
rises how big the effect of localization phenomena are. To answer this question, similar analysis are done
on α-, β- and γ-iPP deformed in uni-axial compression experiments at temperatures of 25 and 110 ◦C,
where the applied true strain rate is constant and thus the true stress as a function of the true strain
can be obtained, see Figure 20.
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(a) (b)

(c) (d)

(e) (f)

Figure 20. The crystal phase fractions obtained from the WAXD experiments. From top to bottom we
see α-, β- and γ-iPP. From left to right we see the evolution of the crystallinity and phase fractions upon
compressing at 25 and 110 ◦C. The true stress as a function of the true strain obtained at a true strain
rate of 10−2 s−1 is shown with the solid black lines.

The apparent conservation of the structural integrity of β-iPP upon deformation as observed from
the tensile experiments (Figure 18) is purely a result of reduced localization compared to α- and γ-iPP.
In fact, during compression and at low temperatures it even seems as if the destruction of crystals
already starts at relatively low strains, while for α- and γ-iPP the crystallinity starts to decrease mainly
after yielding. Furthermore, the compression experiments show no softening in β-iPP, independent of
the temperature, whereas in the tensile experiments the β-iPP samples do show softening as a result
of geometrical effects. These findings compare well with the observations reported by Xu et al. [57].
Although this work only provides a comparison between α- and β-iPP, the observed phenomena are
similar to what is found in this study. α-iPP shows more pronounced strain softening and smaller strain
hardening compared to β-iPP. To the knowledge of the authors no publications exist that comment on
the strain hardening and softening of γ-iPP in uni-axial compression experiments. The early onset of
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crystal destruction in β-iPP compared to α-iPP, and the slightly later onset in γ-iPP perfectly matches
the findings of Lezak et al., who studied the deformation of α-, β- and γ-iPP in plane strain compression
at room temperature [21,25] and at elevated temperature [22,58]. From their extended research they
concluded that the initiation of plastic deformation is relatively easy in β-iPP as compared to α-iPP
since both crystal slip and shear are easier. For γ-iPP on the other hand, the opposite conclusion was
drawn, and plastic deformation was found to be more difficult than in case of α-iPP. This matches with
the observations presented on crystal deformation in this work, even though in the tensile experiments
the initiation and growth of voids can have a large effect on the local stress states present in the material.

3.3. SAXS Analysis

3.3.1. Tensile Tests (SAXS)

To investigate the structural evolution at the nanometer length scale, SAXS data was taken for
the same set of experimental conditions as for the WAXD experiments. In Figure 21, the results of the
experiments conducted on α-iPP are shown.

Figure 21. Normalized 2D SAXS patterns of α-iPP stretched at temperatures of 25, 50, 80 and 110 ◦C
from top to bottom. The true strains, determined with the assumption of fully uni-axial deformation,
are given as well. The macroscopic strains at which the patterns were taken are indicated by the
markers in Figure 8. The stretching direction is horizontal.

The intensity scattered from the lamellae increases with temperature, which can be explained by
the difference in thermal expansion between the crystals and the amorphous domains that increases
the density contrast. The undeformed samples, with randomly oriented lamellar stacks, give rise
to a scattering circle with a homogeneous distribution. Upon deformation, the sample transforms
to a state in which the scattering of the lamellae concentrates in the polar regions. At 25 ◦C voids
are already present at the yield point (frame 3), evidenced by the clear lobes near the beam center.
From the scattering pattern it becomes clear that the dimensions of the voids initially have the
largest dimension in the direction perpendicular to the tensile direction. During strain softening
and hardening this gradually evolves into the opposite; the largest dimensions of the voids are now
parallel to the stretching direction. This observation is accompanied by a transition from high aspect
ratio craze-like features to a highly voided state with shear deformation zones. This transition to
micro-necking is related to the entanglement network as was shown by for example Kausch et al. [59]
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and Ishikawa et al. [34]. At high temperature no clear scattering as a result of voiding is observed
at yield, however, close to the center some kind of non-cylindrical pattern is observed. This is an
indication for the formation of voids, but with dimensions larger than the detectable length scales.
Finally, it is evident that lamellae of the newly formed crystals are strongly oriented with the so-called
lamellar normal of the stacks parallel to the tensile direction, meaning that the iPP chains orient along
the tensile direction.

To quantify the lamellar stack orientation upon stretching, azimuthal integrations are performed
in a similar way as for the WAXD patterns. In Figure 22 the intensity along the azimuth is shown for
the α-sample stretched at room temperature. After yield, in frames 4 to 7, a strong intensity increase
in the equatorial regions develops as a result of the transformation of the shape and the growth of
fibrillar voids elongated in tensile direction. For this reason, only the first 3 or 4 frames are shown
in the inset, i.e., depending on where voiding starts to affect the result. Although the last frame
depicted in the insets already shows some features of voiding (development of a peak at 90◦ ), the main
intensity distribution during the early stages of deformation is a direct result of the orientation of the
lamellar stacks.

(a) (b)

Figure 22. Azimuthal intensity of the lamellar scattering at various strains of α-iPP. (a) uni-axial
stretching at 25 ◦C and (b) 110 ◦C. The numbers in the legend correspond to the 2D patterns in
Figure 21.

An important observation done at 110 ◦C is that in the initial stages of deformation the intensity
of the lamellae concentrates at angles of 45◦ and 135◦. This phenomenon is often attributed to break-up
in between lamellae [26,60–62], following after cavitation. Here, the scattering patterns show no
evidence of voids with a length scale similar to that of the lamellae. Combined with the absence of
this preferential orientation in tests performed at room temperature, where there is voiding prior to
yielding, it is therefore more likely that the material adopts this orientation because it is preferential
for plastic deformation. At room temperature, where we are below Tαc , a different mechanism takes
place which could indicate that the constrained amorphous network is strong enough with respect to
the crystallites, to prevent the material to transform to this orientation.

The 2D SAXS patterns measured on β-iPP are shown in Figure 23. The scattering intensity close
to the center is much stronger than that observed in the α-samples, meaning that the samples exhibit
much more voids in the domain of detectable void sizes. This holds for all temperatures. The process
of voiding starts already in the early stages of deformation.
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Figure 23. Normalized 2D SAXS patterns of β-iPP stretched at temperatures of 25, 50, 80 and 110 ◦C
from top to bottom. The true strains, determined with the assumption of fully uni-axial deformation,
are given as well. The macroscopic strains at which the patterns were taken are indicated by the
markers in Figure 8. The stretching direction is horizontal.

The transition from cavities with the largest dimension perpendicular to the tensile direction to
cavities with the largest dimension parallel to the tensile direction takes, compared to the α-phase,
place at higher strains and seems less clear/unfinished, even in the final stages of the stretching
experiment. The scattering from the newly formed crystals appears in the polar regions, indicating that
the lamellar normals are oriented parallel to the tensile direction.

The intensities along the azimuth is shown in Figure 24 upon stretching the sample. As can
be observed, the tensile experiment was started from a state which is not completely isotropic.
Apparently the compression molding process led to minor orientation in the sample. This only becomes
clear after zooming in extensively on the result of an azimuthal integration. Since the anisotropy level
is so low, it is assumed that this artifact is not of any influence on the further results. At 25 ◦C the
scattering of the voids affects the integrated intensity almost immediately. At 110 ◦C cavitation is
observed first in the third frame, corresponding to the yield point. Although a small anisotropy seems
to be present from the beginning of the experiment there is no evidence for a tendency of the formation
of a pattern with a orientation at +45◦ and −45◦, which is different from α-iPP. These observations are
similar to the results found by Men et al., who worked on Poly(1-butene) [63], and claimed cavitation
through lamellar breakup.

Finally, Figure 25 contains the SAXS patterns taken from tensile experiments performed on γ-iPP.
Based on the scattering intensity it is expected that the void fraction (within the detectable range) is
in between that of α- and β-iPP. The onset of voiding is clearly before yielding at low temperatures,
and also at high temperatures there is some evidence since the scattering close to the center deviates
from circular. At 110 ◦C the scattering of the original lamellae becomes strongly elliptical, before the
selective melting and recrystallization into oriented crystallites with the lamellar normal in tensile
direction takes place. Similar to the α- and β-iPP the dimensions of the voids are initially larger
perpendicular to the tensile direction and transform to shapes that have the largest dimensions
parallel to the drawing direction. This happens beyond yielding and takes place more gradual than in
case of α-iPP.
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(a) (b)

Figure 24. Azimuthal intensity of the lamellar scattering at various strains of β-iPP. (a) uni-axial stretching
at 25 ◦C and (b) 110 ◦C. The numbers in the legend correspond to the 2D patterns in Figure 23.

Figure 25. Normalized 2D SAXS patterns of γ-iPP stretched at temperatures of 25, 50, 80 and 110 ◦C
from top to bottom. The true strains, determined with the assumption of fully uni-axial deformation,
are given as well. The macroscopic strains at which the patterns were taken are indicated by the
markers in Figure 8. The stretching direction is horizontal.

The intensity as a function of the azimuth is depicted in Figure 26 for the tests performed at 25 and
110 ◦C. The latter has a preferred orientation at angles of 45◦ and 135◦, which indicates that also in
γ-iPP the lamellar break-up or orientation takes place prior to yielding, similar to α-iPP.
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(a) (b)

Figure 26. Azimuthal intensity of the lamellar scattering at various strains of γ-iPP. (a) uni-axial stretching
at 25 ◦C and (b) 110 ◦C. The numbers in the legend correspond to the 2D patterns in Figure 25.

To quantify the void fraction, the 2D patterns are integrated according to Equation (22),
which holds for the assumption of cylindrical symmetry, and by substitution of the result into
Equation (23), the evolution of void fraction as a function of the strain is obtained. This procedure
was applied on the α-, β- and γ-iPP for all the experimental conditions, and the result is shown in
Figure 27. The increase of the void fraction becomes particularly clear at the strain where macroscopic
yielding takes place. Based on the 2D images this can be linked to the transition of perpendicularly
oriented voids towards voids parallel to the tensile direction, which coincides with a large increase in
the scattering intensity. In the case of α-iPP deformed at 25 ◦C, φv increases simultaneously with the
macroscopic softening. This increase stops at the end of the softening after which the volume fraction
decreases. Since a volume fraction is considered, two possible explanations can be given for this
observation: (1) The voids grow (or coalesce) to larger dimensions and therefore are no longer in the
detectable size domain; (2) Due to the extension of the voids and the resulting cylindrical dimensions,
together with the fibrillar material morphology in between, the negative hydrostatic stresses reduce
severely, causing the voids to collapse. This also leads to a reduction in volume.

Quantitative analysis of the void size and shape could confirm the aforementioned hypothesis.
To this extent, three different approaches to obtain such information are considered. Unfortunately, due to
experimental restrictions none of them turned out to give reliable results. First of all, the approach
presented in the work of Lode et al. [64] is considered. This approach was originally used to obtain
craze dimensions in amorphous polycarbonate. To successfully fit the parameters of the model of Lode
et al., the craze fibril scattering on the equator should show a maximum. Since in the situation at hand,
the mean fibrillar spacing is too large, this intensity maximum disappears in the beam stop, making a
fit of the parameters highly unreliable. If one wants to use this approach for iPP, USAXS or SALS could
possibly be a good alternative for SAXS. Secondly, void dimensions could also be obtained by means
of the radius of gyration, as is for example demonstrated by Zafeiropoulos et al. [65], Na et al. [19]
or Pawlak et al. [61]. The deformed iPP in this work contains voids of polydisperse dimensions
(different populations) and shapes (cylinders, ellipsoids, spheres, etc.). For this reason, an approach
similar to Na et al. [19] and Pawlak et al. [61] had to be chosen, in which the total void volume is
divided over three populations, each with their own dimension. Unfortunately, the dimensions where
again to large to obtain reliable results. Moreover, the void volume does not consist of three discrete
void sizes (in practice it is a continuous distribution), making the approach rather sensitive for the
arbitrary constraints applied in the optimization routine. Finally, a method introduced by Ruland [66]
is considered. This method is successfully used by Lu et al. [20], who obtained dimensions of cavities
in iPP. The applicability of this approach depends on the presence of fiber-like entities, which is only the
case at very high strains, possibly even higher than the maximum strains reached in this work. Indeed,
the application of this method resulted in erroneous void dimensions. In addition to the possible lack
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of sufficient fiber-like shapes, the setup is aligned such, that the focus is on the sample, rather than
on the detector. To summarize, dimensions and shapes of the cavities could not straightforwardly be
determined in a reliable way, with either one of the discussed approaches.

(a) (b)

(c)

Figure 27. Void volume fraction as a function of the macroscopic strain for α-iPP (a), β-iPP (b) and
γ-iPP (c), elongated at 25, 50, 80 and 110 ◦C.

When considering the α-iPP elongated at high temperatures, no notable void fraction can be
measured although the 2D-patterns clearly show the presence of voids, evidenced by the non-circular
scattering close to the beam center. The intensity in these 2D images is given on a logarithmic scale,
and thus, the early stage of void initiation immediately becomes clear. Apparently these effects are
not strong enough to cause a scattered intensity increase, significantly large to be reflected in the void
fraction. In the case of β-iPP the void fraction starts to increase at the yield point and continues to
grow throughout the entire experiment. The two phenomena that cause the φv in α-iPP to decrease
seem not to be present in the β-sample. With increasing temperature, the volume percentage of voids
decreases. At 25 and 50 ◦C, the γ-iPP shows an increase in the scattered intensity that is sufficiently
large to be reflected in the void fraction. This starts to develop at the yield point, and continues to
grow with increasing strain. However, after softening the void fraction reaches a plateau. The yield
stress of β-iPP is found at the lowest strains. Therewith, the onset of voiding in the β samples starts
the earliest. This observation is also reported by Pawlak [17]. Although in the work of Pawlak the
void volume fraction is not quantified, the 2D SAXS images show that not only the voiding starts at
lower macroscopic engineering strain for β-iPP compared to α-iPP, but also that the scattered intensity
is much stronger. Since this is directly related to the volume fraction of voids (within the detectable
length scale), it can be concluded that the findings in this work are in good agreement with the work
of Pawlak. Na et al. [19] investigated the volumetric strain upon stretching α- and γ-iPP at room
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temperature. At low strains they first found a volumetric increase in γ-iPP, subsequently followed by
an increase of the α-iPP volume at slightly higher strains. This seems to disagree with the findings
reported here, however, volumetric strain does not necessarily match the void fraction obtained from
SAXS experiments in which only part of the void fraction can be assessed,i.e., the part in the detectable
length scale. It is very likely that in the case of α- and γ-iPP the void dimensions quickly grow out
of the detectable range. Furthermore, determination of the volumetric strain at the early stages of
deformation, where nano-scale voids are formed, is a less sensitive technique compared to X-ray
scattering. Moreover, crystal phase transitions as demonstrated in the previous sections lead to a
change in material density and, therefore, also affect the volumetric strain obtained from optical
techniques. To conclude, as far as a good comparison can be made, no insurmountable differences have
been found between the results presented in this work and in other studies. In fact, general agreement
between the trends observed for different polymorphs is found.

3.3.2. Lamellar Morphology

The crystal phase transformations are accompanied by changes in the lamellar morphology.
For structural information on the lamellar thickness, the long period and the amorphous layer thickness,
in both the tensile and transverse direction, the equatorial and meridional regions were integrated
separately, see Figure 6. The integrated 1D intensity was Lorentz corrected and the methods described
in Section 2.3.3 were applied. In Figures A2–A4 of the Supporting Information, the results are
presented as a function of the macroscopic strain, in the range where the analysis could be applied, i.e.,
before crystals were destroyed too much. The most interesting observation was noted during stretching
γ-iPP at 110 ◦C, see Figure 28. As expected, the lamellar thickness obtained using Bragg’s law is lower
than the ones obtained by using the auto-correlation function. In the latter case, the dense amorphous
transition zones in the vicinity of the crystals add up to the crystal thickness. In that case, self evidently,
the amorphous layers are thinner. In the elastic deformation regime, the long period in the equatorial
region clearly increases. The evolution of the long period in the meridional region behaves opposite
and even displays a decreasing trend. Based on the results obtained from Bragg’s law, it follows
that the amorphous regions increase in the initial stages of deformation, however, also the crystalline
regions slightly thicken. After yielding, the associated destruction of γ-iPP and the transformation to
α-iPP, a sudden increase in long period is observed. This is dominated by the thickening of lamellae,
that increase on average from approximately 8–9 nm, to 12–13 nm, see Figure 28. This strong increase
is only observed in the γ-samples after yielding at high temperature; see the Supporting Information.

(a) (b)

Figure 28. (a) Crystal phases in γ-iPP upon stretching at 110 ◦C; and (b), The evolution of the long
period, lamellar thickness, and amorphous layer thickness.

If we consider the γ-crystal lattice and compare it with the newly formed α-lattice,
the schematically depicted transformation in Figure 29 is obtained. This transition was investigated
in detail, using WAXD experiments, by Auriemma et al. [14], who reported the transformation
of γ-iPP (prepared in a low stereo regularity iPP) into α-iPP upon stretching. Their findings and
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interpretations of the different mechanisms involved at the unit cell level, combined with the increase
of the long period simultaneously with the phase transition, suggest that the helical chain conformation
is maintained during the transformation. During the destruction of γ-iPP at 110 ◦C, the ternary helical
chain conformation seems to be maintained, and directly incorporated in the newly formed α-lattice.
The observation of the increasing lamellar thickness could be worked out further, and offers a special
way to obtain α-iPP with large crystal thickness obtained from hot drawing of γ-iPP.

Figure 29. Suggested deformation of a γ-crystal with the orthorhombic unit cell structure at a temperature
of 110 ◦C. The newly formed lamellar crystal is comprised of a monoclinic alpha unit cell structure.

4. Conclusions

Tensile and compression experiments were combined with in situ SAXS and WAXD measurements
to reveal deformation-induced structural evolution phenomena at multiple length scales for the
three well-known polymorphs of iPP. WAXD experiments are used to obtain information about
phase transitions, selective melting and orientation of crystal planes. The orientation of lamellae,
their thickness and the thickness of the intermediate amorphous layers are derived fromthe SAXS
experiments, as well as the appearance and growth of voids. The findings, with respect to the structural
evolution, are linked to the macroscopic intrinsic mechanical response.

Based on our previous work and the intrinsic behavior presented in Sections 3.1 and 3.2.2, we
hypothesize that the typically amorphous phenomenon of softening is mainly due to the constrained
amorphous regions in the vicinity of the crystals, rather than deterioration of the crystals.

With respect to the crystallographic structures, the WAXD experiments revealed that at low
temperatures, all polymorphs undergo a (partial) phase transition to the oriented mesophase or
amorphous phase at large strains. At elevated temperature, the newly formed structure is predominantly
the thermodynamically most stable oriented α form. From the compression experiments, it is found that
the true strain at which these transitions take place is similar for all polymorphs and, therefore, not the
cause for the different macroscopic behavior.

The crystallinity of all polymorphs decreases at similar true strain, independent of the loading
conditions, whereas softening is mainly observed in α- and γ-iPP. These are the crystalline forms
with the highest density. The extent to which crystals constrain the amorphous phase is dominated
by density (secondary interactions) and lamellar thickness or crystal defects. Apparently, the higher
density of α and γ-iPP outweighs the influence of thicker lamellae in β-iPP. The crossed configuration
of chains in γ-iPP lamellae seems to act as an additional constraint, whereby a rejuvenation treatment
is needed in order to obtain the formation and growth of a stable neck in tensile deformation.

To obtain a rejuvenated constrained amorphous phase, mobility has to be created in constrained
amorphous layers by either thermal treatments or mechanical deformation. The WAXD experiments
show that the β-crystals deform at relatively low strains, clearly prior to yielding. This allows the
constrained amorphous domains to gain mobility and soften. Since for β-iPP this happens far before
yielding, it might partially explain the absence of softening.

Based on the observation of softening in α- and γ-iPP at a testing temperature of 110 ◦C, which is
above the αc-relaxation temperature, it is hypothesized that this is a result of the cross-hatched
structure. Break-down of these structures deteriorates the structural integrity, causing a reduction of
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the stress. In the absence of cross-hatched structures, as is the case for β-iPP, softening is not observed
at this temperature.

The evolution of the lamellar orientation suggests that upon stretching, α- and γ-iPP behave
differently from β-iPP. In the latter one, the lamellae show no clear orientation while stretching at high
temperatures. From the intrinsic behavior, it is found that the strain hardening modulus is the highest
in β-iPP. The crystal shear starts the earliest, and also the onset of voiding, which is the most intense
in β-iPP, is observed at the lowest strains. The observation that the crystal planes seem to slip before
voiding starts suggests that in β-iPP, the critical shear stress is exceeded before the critical cavitation
stress is reached.

The γ-iPP, with the crossed chain configuration in the crystal lattice, interestingly shows a strong
increase in long period and lamellar thickness while stretching at high temperature. In the softening
regime, where the γ-crystals transform to α-crystals, the lamellar thickness in the equatorial regions
increases to such an extent that it is plausible to assume that the part of the chain originally incorporated
in the crystal maintains the ternary helical conformation during this transition.

The low strain hardening modulus of α-iPP causes the initial disk-like voids to transform into an
ellipsoid with a larger shape, oriented in the tensile direction, at relatively low apparent macroscopic
strains, compared to the γ- and β-iPP, with the higher strain hardening modulus. In fact, for β- and
γ-iPP, this transition is still not completely fulfilled at large macroscopic strains.

Where the crystal structure and topology determine to a large extent the pre-yield behavior
and indirectly contribute to the level of the yield stress, the network is decisive in the post-yield
behavior (strain hardening). The constrained amorphous phase in the vicinity of the crystalline
material is of vital importance for the softening observed after yielding, and the strain hardening
modulus determines when voids transform to other shapes.
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Appendix A

(a) (b)

(c) (d)

(e) (f)

Figure A1. The crystal phase fractions obtained from the WAXD experiments. In (a,c,e), we see the
evolution of the crystallinity and phase fractions upon stretching at 50 ◦C. Figure (b,d,f) show the
result of the tensile experiments performed at 80 ◦C. From top to bottom, we see α, β and γ-iPP.
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(a) (b)

(c) (d)

Figure A2. Long period, amorphous layer thickness and lamellar thickness determined via Bragg’s
law and the 1D autocorrelation function versus the macroscopic strain for α-iPP, elongated at 25, 50, 80
and 110 ◦C.

(a) (b)

(c) (d)

Figure A3. Long period, amorphous layer thickness and lamellar thickness determined via Bragg’s
law and the 1D autocorrelation function versus the macroscopic strain for β-iPP, elongated at 25, 50, 80
and 110 ◦C.
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(a) (b)

(c) (d)

Figure A4. Long period, amorphous layer thickness and lamellar thickness determined via Bragg’s
law and the 1D autocorrelation function versus the macroscopic strain for γ-iPP, elongated at 25, 50, 80
and 110 ◦C.
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Abstract: To develop the polyimide (PI) which is closely matched to the coefficient of the thermal
expansion (CTE) of copper, a series of PIs are prepared from 5,4′-diamino-2-phenyl benzimidazole
(DAPBI), 4,4′-diaminodiphenyl ether (ODA), and 3,3′,4,4′-benzophenonetetracarboxylic dianhydride
(BTDA) using a sequential copolymerization, blade coating, and thermal imidization process. The
physical properties of the PIs are effectively regulated and optimized by adjusting the ratio of the
rigid DAPBI and flexible ODA components. By increasing the DAPBI content, thermal stability,
dimensional stability, and mechanical properties, the resultant polymer is enhanced. PI-80 exhibits an
excellent comprehensive performance, a glass transition temperature of 370 ◦C, and a tensile strength
of 210 MPa. Furthermore, the CTE as calculated in the range 50–250 ◦C is ca. 19 ppm/K, which
is equal to that of copper. A highly dimensionally stable, curl-free, and high T-style peel strength
(6.4 N/cm) of copper/PI laminate was obtained by casting the polyamic acid onto copper foil (13 μm)
and thermally curing at 360 ◦C, which indicates that it has the potential to be applied as an electronic
film for flexible displays and flexible printed circuit boards. A structural rationalization for these
remarkable properties is also presented.

Keywords: polyimide film; linear coefficient of thermal expansion (CTE); copper clad laminate;
structure and properties

1. Introduction

Aromatic polyimides (PIs) exhibit outstanding thermal stability, mechanical properties, solvent
resistance, and electric insulation performance [1–6]. Aromatic PI films are widely used in the
aerospace, automobile manufacture, and microelectronics fields owing to their facile fabrication
by casting methods [7–16]. For example, PI films can be used as high-temperature-resistant insulating
materials, flexible printed circuits, stress-relieving buffer layers, particle-blocking layers, dielectric and
flexible connecting materials for multichip model systems, substrates for flexible solar cells or flexible
displays, and lithium-ion battery separators [17–21].

Multichip modules require dielectric interlayers with low dielectric properties, excellent
mechanical properties, and excellent adhesion. It is especially important that the coefficient of
thermal expansion (CTE) of the interlayer should match that of the substrate (e.g., Si wafer, copper
foil, aluminium foil) [22]. The use of PIs as dielectric layers can effectively enhance the safety and
reduce the weight of electronic devices. However, typical commercial PI films can’t tolerate the high
temperatures associated with welding fabrication. Furthermore, there is a significant difference in CTE
between the PI films and common substrates. For example, the CTEs of copper, silicon wafer, and
glass are 19, 6, and 15 ppm/K, respectively [23,24]. Additionally, the CTEs of the commercial PI films
Kapton and Upilex without stretching are ca. 47 and 45 ppm/K, respectively [25].

The CTEs of polymers can be tuned by modulating their chemical structures and aggregation
properties. There are three strategies commonly used to reduce the CTEs of PI films. The first approach
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is to subject the PAA or PI film to uniaxial or biaxial stretching at a high temperature (>150 ◦C) [26–28].
Upon stretching, the orientation of the molecular chains is improved along the stretching direction by
promoting the aggregation of the PIs, and the regularity of the molecular chains is enhanced. However,
the reduction of the CTE data by this method is limited owing to the small stretching ratios possible
without causing permanent damage. Moreover, the PIs suitable for stretching treatment are typically
thermoplastic and the glass transition temperature (Tg) values of PIs are lower than 300 ◦C.

The second approach is to introduce inorganic nanoparticles that exhibit very low CTEs into
the PI system in order to obtain the PI composite films with low CTEs [29–32]. The sol-gel method
has been adopted, in which the precursors of inorganic particles are introduced into the polyamic
acid (PAA) solution. However, macroscopic phase separation occurs in PI systems when the
inorganic-particle content is higher than 5 wt %, and the properties of the resultant polymers are
affected [33–36]. Geng et al. introduced reactive groups that can be linked with inorganic components
into the PI backbone and adopted the end group (3-aminopropyl)triethoxysilane (APTES) to mitigate
this macroscopic phase separation. However, this method had little impact on the CTEs of these
inorganic-organic composite PI films.

The third approach is to import the rigid rod-like, planar structures or short-chain diamines
and dianhydride monomers into the PI unit structure to enhance the proportion of rigid benzene
rings and amide rings. This method can reduce the CTEs of PI films because it promotes the ordered
arrangement and degree of molecular orientation in the polymer chains. Previous researches have
suggested that designing polymers with rigid and ordered molecular chains is the best way to improve
their thermal and dimensional stability [37–40].

Significant research efforts have been devoted to developing high-performance PIs comprising
imidazole and oxazole rings owing to the outstanding heat resistance, high strength, and high moduli
of polybenzimidazoles and polybenzoxazoles [41–43]. However, the flexibility of these films is poor
owing to the high rigidity of the rod-like chains. Furthermore, the CTEs of these films are often
negative, which mismatches those of common substrate materials [37,43].

To obtain a PI film with an equal CTE to that of copper over a wide temperature range, a
series of different structural PIs were synthesized and optimized. The introduction of both rigid
and flexible molecular units into polymer chains is an effective way to control and optimize their
properties [37]. Consequently, in this study, PI films were prepared using the structurally rigid diamine
5,4′-diamino-2-phenyl benzimidazole (DAPBI), the structurally flexible diamine 4,4′-diaminodiphenyl
ether (ODA), and 3,3′,4,4′-benzophenonetetracarboxylic dianhydride (BTDA). PIs containing different
percentages of ODA–BTDA and DAPBI–BTDA chain segments were synthesized by copolymerizing
the diamines ODA and DAPBI with BTDA. ODA and BTDA, which exhibit flexible structures, were
chosen to provide flexibility to the polymers. The rigid structural diamine DAPBI provides heat
resistance and excellent mechanical properties to the polymers. By optimizing the ratio of flexible
ODA–BTDA segments and rigid DAPBI–BTDA segments, the flexibility, CTE, mechanical properties,
and thermal properties of PIs were tuned. When the ratio of ODA-BTDA and DAPBI-BTDA is 8:2, the
optimized PI has a CTE value close to that of copper, and it also exhibits outstanding heat resistance
and mechanical properties.

2. Materials and Methods

2.1. Materials

N,N-Dimethylacetamide (DMAc) was obtained from Tianjin Chemical Agent Factory (Tianjin,
China) and was vacuum-distilled after drying over calcium hydride. BTDA and ODA were purchased
from Forsman Scientific Company (Beijing, China). DAPBI was purchased from Nanjing Chemlin
Chemical Industry Company (Nanjing, China). The dianhydride was dried in a vacuum oven at 150 ◦C
for 12 h and the diamines were dried at 80 ◦C for 12 h. To improve the relative molecular weight, all
the reaction vessels, solvents, and reactants must be anhydrous.
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2.2. Methods

2.2.1. Infrared Spectroscopic Analysis

The inherent viscosities (η) of the PAAs were measured to evaluate the polymerization degree of
the PIs. η was obtained by dissolving 0.5 g of PAA in 100 mL DMAc at 25 ◦C, and the flow of the PAA
solution was measured using an Ubbelohde viscometer (Zhongwang Technology, Hangzhou, China).
The η value was calculated using the following equation:

η =
ln(t/to)

0.5 g/dL
(1)

where t and t0 are the determination times for the PAA solution and a blank DMAc solution,
respectively. In order to evaluate the imidization degree of the PI films, their Fourier transform
infrared (FTIR) spectra were obtained on a Excalibur 3100 spectrometer (Varian, Palo Alto, CA, USA)
from 600 to 4000 cm−1.

The equilibrium water absorbability was determined by the weight difference of vacuum dried
film specimens before and after immersion in deionized water at 25 ◦C for 24 h. Dry films which had
been weighed (W1) were immersed in water at room temperature for 24 h. The surfaces of the films
were wiped to remove the water and weighed again (W2). Water absorption was calculated by the
equation: (W2 − W1)/W1 × 100%.

2.2.2. Morphology and Structural Analysis

The microstructures of the polymers were characterized on Rigaku wide-angle and small-angle
X-ray diffractometers (Rigaku Corporation, Tokyo, Japan). The 2θ scan data were collected at 0.02◦

intervals over ranges of 5◦–60◦ and 0.6◦–5◦. The scan speed was 0.1◦/min. The average distance (d)
between the molecular chains can be obtained from Bragg’s equation:

d = λ/2sin θ (2)

where 2θ is the X-ray diffraction angle and λ is the wavelength of the X-rays. The cross-sectional
micromorphologies of the PI films were sputtered with gold and then investigated using scanning
electron microscopy (SEM) (Hitachi Limited, Hitachi, Japan) with HITACHI S-4300-4300 apparatus at
an acceleration voltage of 10 kV. Moreover, the surface morphology and the element mapping of the PI
layer and copper substrate after the T-peel test were measured with SEM and Energy Dispersive X-ray
Spectrometric microanalysis (EDX) (Hitachi Limited, Hitachi, Japan) with HITACHI S-4300 apparatus.

2.2.3. Thermal Analysis

In order to investigate the thermal properties, the glass transition temperature (Tg), thermal
decomposition temperature (Td), and the CTEs of the films were characterized. The Tg values of the
PI films were determined on a Mettler Toledo DSC 1 thermal analyzer (METTLER TOLEDO, Zurich,
Switzerland). DSC measurements were carried out on 5–10 mg film samples heated under nitrogen
atmosphere at a heating rate of 10 ◦C/min from 50 to 400 ◦C. The samples were first heated from 50
to 400 ◦C, then cooled at the same heating rate, and then heated again at the same conditions. The
Tg of these PIs were determined in the second heating scan by the midpoint ASTM D3417-83 with
the Mettler software. Dynamic mechanical analysis (DMA) was performed on thin film specimens
(ca. 3 × 0.65 × X cm3, the X represent the thickness of the film, which is about 3 × 10−3 cm) on a TA
instrument DMA Q800 (TA Instruments, New Castle, PA, USA) at a heating rate of 5 ◦C/min and at a
load frequency of 1 Hz under nitrogen atmosphere. The peak on the tan δ vs. temperature curve was
regarded as the Tg of the film. Td values for the PI films were obtained on a TA Q50 thermogravimetric
analyzer (TA Instruments, New Castle, PA, USA). Measurements were carried out on 3–5 mg film
samples heated at 5 ◦C/min in nitrogen atmosphere. Decomposition temperatures of 5% weight
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loss were recorded (Td5%) to evaluate the thermal stability of the films. The CTEs of the films were
measured using a Mettler Toledo TMA/SDTA841e (METTLER TOLEDO, Zurich, Switzerland). A
constant force of 0.01 N was applied to film samples (ca. 1.5 × 0.4 × X cm3). The samples were heated
to 400 ◦C at a heating rate of 5 ◦C/min. The data were collected from the second heating run after the
first run, which was performed up to the annealing temperature to eliminate the internal stresses in
the films. Owing to the variation of the CTE with temperature, it is common practice to report the
average CTEs determined over a specified temperature range. The average CTE is defined by:

aL =
1
L0

(
ΔL
ΔT

)
(3)

where L0 is the initial length of the sample between the grips at ambient temperature; ΔT = T2 − T1,
where T1 and T2 are the temperature limits; and ΔL = L2 − L1, where L1 and L2 are the sample lengths
at temperatures T1 and T2, respectively. All of the CTEs in this study were measured between 50 and
250 ◦C in the film plane direction and were derived using Equation (3).

2.2.4. Mechanical Analysis

The tensile properties of the films were examined with an Instron R5966 (INSTRON corproration,
Canton, OH, USA). Tensile samples were machined to dimensions of ca. 4 × 0.5 × X cm3 after
imidization and tested with a crossed-head speed of 8 mm/min and a load capacity of 500 N. Each test
was conducted on five samples, and the average tensile strength, modulus, and elongation at the break
are reported.

2.2.5. Adhesion Properties

The adhesion strength between the PI layer and copper substrate was studied by the T-peel
strength test method with an Instron R5966 (INSTRON corproration, Canton, OH, USA). The laminate
samples were cut into 5 cm × 0.5 cm strips. The peeling speed was kept constant at 10 mm/min. The
peel strength was expressed in N/cm and was determined from the peel load divided by the width of
the PI/Cu laminate.

2.2.6. Synthesis of PAA Precursors

PAA precursors were prepared by copolymerization of the diamines ODA and DAPBI and the
dianhydride BTDA at a 1:1 molar ratio of diamines and dianhydride. Six different PAAs were obtained
by employing diamine mixtures with DAPBI molar contents of 0%, 20%, 40%, 60%, 80%, and 100%.
The corresponding PI films were fabricated by coating, solvent drying, and thermal imidization, and
denoted as PI-0, PI-20, PI-40, PI-60, PI-80, and PI-100.

The polymerization procedure for synthesizing the PAA for the PI-60 precursor is presented
as an example: The molar ratio of ODA to DAPBI was 4:6, and the solid content was controlled at
15%. First, the ODA (1.602 g, 8 mmol) was dissolved in 60 mL DMAc at room temperature under N2

atmosphere. After the ODA was dissolved, DAPBI (2.691 g, 12 mmol) was dispersed uniformly in the
ODA solution, and a beige brown suspension was obtained. Then, a stoichiometric amount of BTDA
(6.445 g, 20 mmol) was added gradually to the suspension, and the mixture was stirred continually for
6 h to form a viscous PAA precursor solution. The PAA was sealed and stored at 0 ◦C.

2.2.7. Thermal Imidization of PAA Films

PI films were obtained by casting the PAA solution onto clean, dry glass plates with a 300 μm
depth blade. The solvent was then removed by drying the PAA films in an oven with a programmed
procedure (50 ◦C for 1 h, 80 ◦C for 1 h, 100 ◦C for 1 h, 120 ◦C for 0.5 h, 150 ◦C for 0.5 h, and 180 ◦C for
0.5 h) at a heating rate of 10 ◦C/min. The PAA films were then cured in a vacuum oven at a heating
rate of 5 ◦C/min to afford PI films. The PI-0 film was obtained with a curing program of 200 ◦C for
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1 h, 250 ◦C for 1 h, 300 ◦C for 0.5 h, and 360 ◦C for 0.5 h. All the cured films were cooled to room
temperature at a cooling rate of 3 ◦C/min. The PI films with thicknesses of 30 μm were easily peeled
from the glass plate.

3. Results

3.1. Synthesis of PAAs and Fabrication of PI Films

The PI films containing benzimidazole moieties were obtained by the polymerization of the PAA
precursor, blade coating, baking, and thermal imidization processes. The synthesis of the PIs, the
molecular modeling of a homo-PI dimer simulated by ChemDraw (Cambridge Soft, Waltham, MA,
USA), and a schematic diagram of the procedure for preparing the PI films and PI/copper laminates
are shown in Scheme 1. PIs containing different ratios of the flexible ODA–BTDA segment and the
rigid DAPBI–BTDA segment were prepared by adjusting the ratio of two diamines employed in the
synthesis. Molecular models of the homo-PI ODA–BTDA and DAPBI–BTDA dimer structures were
generated using ChemDraw software, and those with the lowest energy conformation are shown
in Scheme 1b. The simulated results show that the ODA–BTDA dimer adopts a bent conformation
and the DAPBI–BTDA dimer exhibits a planar construction. Hence the flexible ODA–BTDA segment
governs polymer flexibility, and the DAPBI–BTDA segment endows the polymer chains with rigidity
and regularity. Furthermore, the intermolecular hydrogen bonding formed between the N–H groups in
DAPBI and the carbonyl groups of the imide ring can increase the intermolecular interaction strength.
Thus, the DAPBI–BTDA segment was selected to improve the mechanical properties, dimensional
stability, and thermal stability of the PIs [22]. According to the literature, benzimidazole moieties
can react with copper oxide to form copper imidazolate inner complexes that provide active sites
for coordinating interfacial bonding. Furthermore, the PIs containing the ODA diamine can exhibit
improved copper adhesion owing to their flexible structures [44,45].

 
(a) 

Scheme 1. Cont.

335



Polymers 2017, 9, 451

 
(b) 

 
(c) 

Scheme 1. (a) Synthesis of PAAs and thermal imidization of PIs. (b) Chemical structure of the homo-PI
dimers ODA/BTDA and DAPBI/BTDA. (c) Fabrication of PI films and PI/copper laminates.

3.2. Viscosities of PAAs and FTIR Analysis of the PI Films

As the polymerization degree of the PAAs and imidization degree of the PIs affect the thermal
properties and mechanical properties of the PI films, both polymerization and imidization were
evaluated. First, the inherent viscosities of the PAAs were measured at 25 ◦C to assess their degree
of polymerization, and the results are listed in Table 1. The high viscosities (1.8–2.3 dL/g) indicate
that the PAAs obtained have moderately high molecular weights. The FTIR spectra of the PI films
were recorded to assess the degree of imidization and they are shown in Figure 1. The characteristic
absorption peaks of the symmetrical contraction vibration and the antisymmetric stretching vibration of
the carbonyl group in the imide ring are observed at 1778 and 1716 cm−1, respectively. Furthermore, the
PI films present no absorption peaks characteristic of carboxyl and amide linkages, i.e., at 3500 cm−1

(COOH and NH), 1660 cm−1 (CONH), and 1550 cm−1 (C–NH), indicating that the PI films have
undergone complete imidization. Upon increasing the molar percentage of benzimidazole stepwise
from 0% to 100%, the carbonyl absorption peaks gradually shift from 1778.4 and 1716.6 cm−1 to 1774.5
and 1706.9 cm−1, respectively. This indicated that hydrogen bonds form between the carbonyl group
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of the imide ring and the NH group of DAPBI. Thus, more hydrogen bonds may be formed with an
increased imidazole ring content, and these intermolecular forces cause the carbonyl absorption peaks
to move to a lower wavenumber [46,47]. A diagram showing this intermolecular hydrogen bonding
is shown in Figure 2. All obtained films exhibited excellent chemical resistance and were insoluble
in organic solvents, for example, NMP (N-Methyl-2-Pyrrolidone), m-cresol, DMAc, chloroform, etc.
The water absorption results of these films are listed in Table 1. Owing to the existent intermolecular
hydrogen bonding, the water absorption is a little higher than common polyimides.

Table 1. Inherent viscosities and thermal properties of the PI films.

Samples ηinh
1 (dL/g)

Tg
2 (◦C)

Td5%
3 (◦C) R800

4 (%)
Water absorption

(%)DSC DMA

PI-0 1.85 278 296 523 54.2 2.0
PI-20 2.06 307 328 527 59.7 2.3
PI-40 2.20 314 334 522 61.7 2.5
PI-60 2.25 343 340 521 56.1 2.9
PI-80 2.30 NF 5 371 523 62.7 2.5

PI-100 2.15 NF 397 529 65.6 3.0
1 Inherent viscosity determined with a concentration of 0.5 g/dL in DMAc at 25 ± 0.1 ◦C. 2 Glass transition
temperature (Tg) measured by DSC and DMA at a heating rate of 10 and 5 ◦C/min, respectively. 3 Temperatures at
5% weight loss were recorded by TGA at a heating rate of 5 ◦C/min under nitrogen atmosphere. 4 Residual weight
retention at 800 ◦C under nitrogen. 5 Not found.

 

Figure 1. FTIR spectra of PI films.

 

Figure 2. Interchain hydrogen bonding.
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3.3. Morphology and Structures

The wide-angle X-ray diffraction (WAXD) patterns of the PI films are shown in Figure 3.
Each presents a broad diffraction peak without obvious splitting peaks, indicating that the PIs are
essentially amorphous. With an increase in the DAPBI–BTDA content, narrower and stronger intensity
diffraction peaks with slight splitting are observed, indicating that the regularity of the molecular chains
and the order degree of molecular chains are improved. According to Bragg’s law (see Equation (2)),
the distance between the molecular chains decreased from 4.8 to 4.3 Å. This demonstrates that the
intermolecular interactions increase when the benzimidaole content increases.

 

Figure 3. WAXD patterns of the PI films.

Figure 4 shows representative small-angle X-ray diffraction (SAXD) patterns for the PI-0, PI-40,
and PI-80 films. The PI-0 sample presents no SAXD peaks because the polymer comprises a completely
flexible and disordered molecular chain. Upon the introduction of DAPBI into the molecular chains, an
SAXD diffraction peak appears at close to 1.2◦, and the angle increases with increasing DAPBI content.
According to Bragg’s law (see Equation (2)), the long period of PI-40 and PI-80 is 75.4 and 65.4 Å,
respectively. The SAXD results indicate that local structure ordering occurs in the PIs containing
benzimidazole moieties, and the period diminishes with increasing benzimidazole content. This
shows that the molecular chains containing benzimidazole rings possess a certain degree of planarity
and rigidity, and thus, local structural ordering appears and the regularity of the molecular chain is
improved as the DAPBI molar ratio increases.

Figure 4. SAXD patterns of the PI films.
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The cross-sectional morphologies of the PI films were observed by SEM, as shown in Figure 5.
The morphologies of films PI-0 and PI-20 are smooth. However, when the DAPBI molar percentage is
higher than 40%, densely packed layered ribbon-like morphological features appear. This indicates
that the molecular chains of the polymers have poor regularity when the benzimidazole content is
low. Conversely, the molecular chains of the polymer are arrayed more regularly, and the degree of
orientation and local ordering improves with the influence of the benzimidazole component [41].

 

 

 

Figure 5. Cross-sectional SEM images of the PI films. (a) PI-0; (b) PI-20; (c) PI-40; (d) PI-60; (e) PI-80;
(f) PI-100.

3.4. Thermal Properties

The Tg, Td, and CTE data are given in Table 1. The DSC curves of films are shown in Figure 6.
No endothermic peaks assigned to the melting peak are observed in the DSC curves, indicating that
all the PIs are amorphous polymers. Owing to the poor molecular mobility introduced by the rigid
structures, no well-defined Tg is detected for PI-80 and PI-100. The tan δ curves and storage modulus
curves of films as obtained by DMA are shown in Figures 7 and 8. The Tg data (Table 1) obtained from
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DSC and DMA are in the range of 278–400 ◦C, indicating that these PIs exhibit high heat resistance.
With increasing DAPBI content, the rigidity of the polymer chains is enhanced, so the Tg of the PIs
increases. The storage modulus curves show that all the films have large storage moduli (3–6 GPa) at
100 ◦C and still retain moduli of 10–100 MPa at temperatures above 300 ◦C. This demonstrates that the
PIs with a higher content of DAPBI are very hard materials.

Figure 6. DSC curves of PI films.

 

Figure 7. Tan δ vs. temperature for the PI films.

 

Figure 8. Storage modulus as a function of temperature for PI films.
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The thermogravimetric analyses (TGA) of the PI films are shown in Figure 9 and show that the
films present no weight loss below 480 ◦C. The excellent thermal stability indicates that these PI films
are completely imidized. The films exhibit 5% weight loss in the temperature range of 521–529 ◦C in
N2, and the char yield at 800 ◦C reaches 65%.

 

Figure 9. TGA curves of the PI films.

The temperature-strain curves of the films, commercial polyimides, and pure copper are shown
in Figure 10. The average CTEs as calculated in the ranges 50–250, 50–300, and 100–200 ◦C are listed
in Table 2. The curves in Figure 10 show that the strain of the films increases with an increasing
temperature and the PI-0 and PI-20 increase more rapidly. This is mainly because the molecular chains
of these two polymers are flexible, and the films deform far more rapidly at a high temperature. Films
with a benzimidazole content over 40% exhibit increasingly excellent thermal dimensional stabilities
than commercial polyimides, and the CTEs are less than 40 ppm/K. The temperature-strain curve
of PI-80 is identical to the pure copper’s temperature-strain curve. With the rigid structural DAPBI
content increased, the regularity of molecular chains is enhanced. Thus, the CTE data of films decrease,
namely, the dimensional stability is improved.

 

Figure 10. CTE curves of the PI films.
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Table 2. CTE data for PI films in different temperature ranges.

Samples CTE (50–250 ◦C) ppm/K CTE (50–300 ◦C) ppm/K CTE (100–200 ◦C) ppm/K

PI-0 67.9 82.0 76.2
PI-20 53.3 55.8 54.5
PI-40 37.8 38.6 38.9
PI-60 24.4 25.6 24.4
PI-80 19.0 19.6 18.8

PI-100 15.2 15.9 15.4
Cu 19.0 19.4 18.6

Kapton 33.5 34.2 33.0
Upilex 44.9 55.3 43.4

3.5. Adhesion Properties of PI-80/Copper Laminate

As shown in Figure 10 and Table 2, the PI-80 film has a comparable CTE to that of pure copper
for a wide temperature range. The equivalent CTE of copper and the PI film can avoid the internal
stresses of the aggregation generated during the processing. Consequently, the PAA precursor of PI-80
was coated onto 13-μm-thick pure copper (purchased from LingBao JinYuan ZhaoHui Copper Co., Ltd,
Lingbao, China, and without any pretreatment) and then thermally imidized under N2 atmosphere.
The top-view and side-view photos of PI-80/copper laminates with PI layer thicknesses of 20 μm are
shown in Figure 11. After being cured at 360 ◦C, the PI-80/copper laminates are flat and not warped.
The adhesion strength between the PI layer and the copper substrate was tested by the T-peel strength
test method with the PI-80/copper laminates. The load-displacement curve is shown in Figure 12. The
peel strength is stabilization and the data is about 6.4 N/cm (3.2 N/0.5 cm), which indicated that a
high enough adhesion laminate was obtained. The surface morphologies of the PI layer and copper
substrate after peeling are shown in Figure 13. The surface of the pure PI-80 film without any treatment
is smooth. The surface morphology of the PI-80 layer (b) after peeling becomes rough and displays a
sheet structure. Also, the surface morphology of the copper substrate is different from the pure copper
foil. It seems that there is one layer of polymers formed on the copper substrate. Further analysis of the
interfacial interaction between the PI and copper substrate was conducted by Energy Dispersive X-ray
Spectrometric microanalysis (EDX) with SEM. The element mapping and EDX spectrums of the peeled
surface of PI-80 layer, copper substrate, and initial Cu foil are shown in Figures 14 and 15. As shown in
Figure 14, there is a Cu element on the PI layer beyond the C, N, and O elements. Additionally, there
are C, N, and O elements on the copper substrate except for the Cu element (Figure 15a–f). But there
are no C, N, or other elements on the initial Cu foil (Figure 15g–i). All the SEM and EDX results declare
that there is a strong interfacial interaction between the PI and copper. The N-H in the imidazole group
of DAPBI can react with copper oxide at the interface and also the flexible structural ODA improves
the adhesion force. Therefore, the PI-80/copper laminates show excellent peel strength. The element
mappings and EDX spectrums of the peeled surface of the PI-60/copper laminate scanned for an
approximately equal time with PI-80/copper are shown in Figure 16. The results show that there is an
interfacial interaction between the PI-60 and Cu foil. However, the smaller peeled sheets of the PI-60
layer and lower C element on the copper substrate indicate that the interfacial interaction between the
PI-60 and copper is smaller.

 

Figure 11. PI/copper laminates with PI layer thicknesses of 20 μm.
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Figure 12. The load-displacement curve of the PI/Cu laminate.

 

 

Figure 13. Surface SEM images of the PI-80 and copper substrate. (a) PI-80 film without any treatment;
(b) PI film of PI-80/Cu laminate after peeling; (c) copper without any treatment; (d) copper substrate
of the PI-80/Cu laminate after peeling.
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(a)                  (b)                  (c)                  (d) 

 

(e)              (f) 

Figure 14. The element mappings of the peeled surface of PI-80 layer. (a) electronic image of PI layer;
(b) C element in PI layer; (c) N element in PI layer; (d) O element in PI layer; (e) Cu element in PI layer;
(f) EDX spectrum of peeled PI layer.

 
(a)                 (b)                  (c)                  (d) 

 
(e)                (f)                (g)               (h)              (i) 

Figure 15. The element mappings of the peeled surface of copper substrate and initial Cu foil.
(a) electronic image of Cu substrate; (b) Cu element in Cu substrate; (c) C element in Cu substrate; (d) N
element in Cu substrate; (e) O element in Cu substrate; (f) EDX spectrum of peeled copper substrate;
(g) electronic image of initial Cu foil; (h) Cu element on initial Cu foil; (i) EDX spectrum of pure Cu foil.

 

(a)                 (b)                  (c)                  (d) 

 

(e)                 (f) 

Figure 16. Cont.
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(g)                 (h)                  (i)                  (j) 

 

(k)                 (l) 

Figure 16. The element mappings of the peeled surface of PI-60/copper laminate. (a) electronic image
of PI-60 layer; (b) C element in PI layer; (c) N element in PI layer; (d) O element in PI layer; (e) Cu
element in PI layer; (f) EDX spectrum of peeled PI layer; (g) electronic image of Cu substrate; (h) Cu
element in Cu substrate; (i) C element in Cu substrate; (j) N element in Cu substrate; (k) O element in
Cu substrate; (l) EDX spectrum of Cu substrate.

3.6. Mechanical Properties

The mechanical properties of the PI films are listed in Table 3. All the films exhibit remarkable
tensile strengths and moduli, which are in the ranges 146.0–220.8 MPa and 3.4–6.2 GPa, respectively.
With increasing DAPBI content, the tensile strengths and moduli of the films increase, and their
elongations decrease. The tensile strength of the PI-100 film is 1.5 times that of PI-0. The stress-strain
curves of PI films are shown in Figure 17, showing that these PIs are amorphous polymers. The
stress-strain curves of PI-0, PI-20, and PI-40 indicated these three polymers are hard and flexible
materials. The stress-strain curves of PI-60, PI-80, and PI-100 declare that these three polymers are hard
and tough materials. The results of tensile curves agree well with the DMA properties. The tensile
results show that the rigid structural DAPBI could improve the rigidity and regularity of the polymer
chains. According to the literature, the tensile strengths of the commercial films Kapton (PMDA-ODA)
and Upilex-s (BPDA-ODA) without stretching are 130 and 140 MPa, respectively [25]. These PI films
exhibit more outstanding mechanical properties, because of the rigid structure and stronger molecular
interchain interaction.

Table 3. Mechanical properties of PI films.

Samples Elastic (GPa) Max stress (MPa) Break strain (%)

PI-0 3.4 ± 0.05 146.0 ± 1.9 16.6 ± 4.9
PI-20 3.8 ± 0.14 157.8 ± 3.4 21.5 ± 8.7
PI-40 4.9 ± 0.16 173.3 ± 4.8 9.4 ± 3.8
PI-60 5.8 ± 0.07 205.6 ± 8.8 7.3 ± 1.0
PI-80 5.7 ± 0.48 209.0 ± 5.9 6.2 ± 0.4
PI-100 6.2 ± 0.37 220.8 ± 10.0 6.8 ± 1.2
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Figure 17. The stress-strain curves of PI films.

4. Conclusions

To obtain a PI film with an equal CTE to that of copper, PIs containing flexible ODA–BTDA
segments and rigid DAPBI–BTDA segments were prepared from ODA, DAPBI, and BTDA. Six different
PI films with different molecular compositions were obtained by adjusting the molar ratio of the two
diamines. Owing to the inclusion of rigid structural benzimidazole moieties and hydrogen bonds
forming between the carbonyl group of the imide ring and the NH group of DAPBI, the regularity
of the molecular chain improves as the DAPBI molar ratio increases. Hence, the PIs containing
benzimidazole moieties exhibit excellent thermal stability, mechanical properties and dimensional
stabilities. The Tg of the PI was enhanced to 400 from 280 ◦C, the CTE (50–250 ◦C) was reduced to
15 from 67 ppm/K, and the tensile strength was increased to 220 from 146 MPa. Furthermore, the
CTE of the PI-80 film was found to be equal to that of copper and was therefore used to prepare a
PI/copper laminate that exhibited no distortion or delamination when heated. The SEM and EDX
results of the peeled PI/copper laminate interface reveal that a strong interfacial interaction formed
between the PI and copper owing to the chemical nature of DAPBI and flexible structural ODA. The
excellent flatness, folding resistance, and high peel strength of this PI/copper laminate indicate that
this PI film has potential for use in flexible printed circuit boards, flexible display substrates, and other
next-generation electronic devices.
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Abstract: This study developed multi-layered lidocaine- and epinephrine-eluting biodegradable
poly[(D,L)-lactide-co-glyco lide] (PLGA)/collagen nanofibers. An electrospinning technique was
employed to fabricate the multi-layer biodegradable drug-eluting nanofibers. After fabrication,
the nanofibrous membranes were characterized. The drug release characteristics were also
investigated. In addition, the in vivo efficacy of nanofibers for pain relief and hemostasis in
palatal oral wounds of rabbits were evaluated. Histological examinations were also completed.
The experimental results suggested that all nanofibers exhibited good biocompatibility and eluted
effective levels of lidocaine and epinephrine at the initial stages of wound recovery.

Keywords: biodegradable nanofibers; PLGA; collagen; epinephrine; lidocaine

1. Introduction

A free gingival graft (FGG) is a dental procedure that involves harvesting soft tissue from a distant
site in the mouth and grafting it over a localized recession defect. FGG was first introduced in
1963 and found the clinical applications to treat mucogingival lesions one year later [1–3]. After the
procedure, tissues at the excisional wound are replaced by fibrin and inflammatory cells. It is a surgical
procedure widely employed to enhance the keratinized tissue encompassing a tooth and/or a dental
implant. The technique has also been extensively employed to treat various periodontal mucogingival
lesions including insufficient or lack of attached gingiva, the presence of high frenum attachments,
shallow fornix, and denuded roots following gingival recession. However, the donor tissue is usually
taken from the palate. The postoperative response at a palate wound site is generally uneventful.
In addition, excessive bleeding and fierce post-surgery pain have been addressed after the FGG
procedure [4–7].

For decades, science has recognized that wound dressings are extremely important components
of wound care and are necessary for optimal wound healing. Open palatal wound recovery consists of
a dynamic and intense process, which involves blood clot deposition, inflammation, and angiogenesis
to constitute a vascularized granulation tissue. After that, an approximation of epithelium and tissue
remodeling is completed to create a mature recovery process in four weeks [8]. Wound dressings
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perform three basic functions: protect wounds, help prevent infection, and maintain optimal moisture,
consequently accelerating the healing process.

Lidocaine is a drug widely used to numb tissue in a specific area and may be applied directly to
the skin for numbing [9]. Epinephrine, on the other hand, is primarily a medication used for a number
of conditions including anaphylaxis, cardiac arrest, and superficial bleeding [10]. When lidocaine is
mixed with a small amount of epinephrine, it allows larger doses to be used for numbing and increases
the length of time it is effective [11]. Type I collagen is the most abundant collagen in the body that
constitutes collagen fibers [12,13]. It is also one component of skin tissue that benefits all stages of
the wound healing process. McGuire and Scheyer [14] employed a xenogeneic collagen matrix as
a substitute to FGG for the augmentation of oral soft tissues. Their results showed that the collagen
matrix may act as a suitable substitute for FGG in vestibuloplasty procedures designed to improve
keratinized tissue around teeth.

This study developed biodegradable lidocaine, epinephrine, and collagen loaded nanofibrous
membranes that offered a sustainable elution of hemostatic and analgesic drugs at the oral wound sites
to decrease postoperative pain and accelerate palatal donor site wound healing. An electrospinning
technique was employed to fabricate the multi-layer biodegradable drug-eluting nanofibrous
membranes. The technique has been widely employed to fabricate nanofibers of various materials
as well as nanofibrous membranes encapsulating living cells [15]. After fabrication, the nanofibrous
membranes were characterized. The drug release characteristics were investigated. The efficacy of the
drug-loaded membranes was assessed on a rabbit model. Histological analysis was completed as well.

2. Materials and Methods

2.1. In Vitro Release of Epinephrine and Lidocaine

2.1.1. Manufacture of Polycaprolactone Stent and Drugs Loaded PLGA Nanofibers

The polymeric materials included poly(ε-caprolactone) (PCL) (Sigma-Aldrich, St. Louis, MO, USA)
and poly[(D,L)-lactide-co-glyco lide] (PLGA) polymer (lactide/glycolide: 50/50) (Sigma-Aldrich,
St. Louis, MO, USA). Epinephrine and lidocaine hydrochloride were included, while type I collagen
was from calf skin (Sigma-Aldrich, St. Louis, MO, USA).

A PCL stent with a dimension of 9 mm × 12 mm and an open window of 5 mm × 5 mm
was sliced from a 0.15 mm thick film that is solvent-casted. Membranes with three various
PLGA/drug combinations, namely 6:1, 3:1 and 2:1, respectively, were produced. To manufacture
the multi-layered membranes with 6:1 polymer-to-drug ratio, PLGA/lidocaine (300 mg:50 mg),
PLGA/epinephrine (300 mg:50 mg), and PLGA/collagen (300 mg:50 mg) were primarily dissolved in
1 mL of hexafluoroisopropanol (HFIP) (Sigma-Aldrich), respectively. The PLGA/lidocaine solution
was spun and collected by the collection plate in a nonwoven form. The procedure was duplicated to
manufacture subsequently the PLGA/epinephrine and PLGA/collagen nanofibers. All procedures
were performed at room temperature. On the other hand, the preparation of nanofibrous membranes
with 3:1 and 2:1 polymer-to-drug ratios followed the same electrospinning procedure, except that the
polymer/drug used were 300 mg/100 mg and 300 mg/150 mg, respectively.

2.1.2. Characterization of Electrospun Nanofibrous Membranes

A field emission scanning electron microscope (FE-SEM) (JSM-7500F, Joel, Japan) was employed
to quantify the electrospun nanofibers. The diameter compositions of nanofibers were acquired by
characterizing the microphotos of 50 arbitrarily picked fibers for each specimen.

The spectra of electrospun nanofibrous membranes were characterized using a Fourier
Transform Infrared (FTIR) spectrometry. FTIR analysis was completed on a Nicolet iS5 spectrometer
(Thermo Fisher Scientific, Waltham, MA, USA) at a resolution of 4 cm−1 and 32 scans. Nanofibrous
membranes were pressed as KBr discs, and spectra were analyzed over the 400–4000 cm−1 range.
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The tensile characteristics of electrospun nanofibrous membranes were quantified on a Lloyd
tensiometer (AMETEK, Berwyn, PA, USA).

The water contact angles of the nanofibers were assessed by a contact angle measuring apparatus
(First Ten Angstroms, Portsmouth, VA, USA) (N = 5).

2.1.3. Drug Concentration Assessment

The elution behavior of lidocaine and epinephrine from the drug-loaded nanofibers with
various PLGA/drug combinations, namely 6:1, 3:1 and 2:1, respectively, was evaluated. Specimens,
with an approximate size of 2.0 mm × 3.0 mm and weight of 1 g, were sliced from the electrospun
membrane and stored in glass tubes. Each tube contained one specimen along with 1 mL of buffered
solution (0.15 mol/L, pH 7.4). All test tubes were maintained at 37 ◦C for 24 h. Then the eluent was
collected for analysis, and fresh buffered solution (1 mL) was added. The procedure was repeated
every 24 h until the specimen was fully dissolved. The experiment was triplicated (N = 3).

The lidocaine levels in the eluents were quantified using a high performance liquid
chromatography (HPLC) assay. The HPLC analyses were carried out on a Hitachi L-2200R system,
using an ATLANTIS dC18, 4.6 cm × 150 mm column (Waters Corp., Milford, MA, USA). Ammonium
formate and methanol (Sigma-Aldrich; 20/80 (v/v)) were adopted as the mobile phase. The absorbency
of monitoring was set at a wavelength of 210 nm, while the flow rate was maintained at 1.0 mL/min.
To characterize epinephrine, a Discovery BIO Wide C18-5, 25 cm × 4.6 mm column was used.
The mobile phase contained water, methanol, and acetic acid (Sigma-Aldrich) in a volume ratio of
85:10:5. The pH value of the mobile phase was adjusted by adding ammonium acetate (Sigma-Aldrich)
to reach 3.1. The absorbency was maintained at 280 nm, while the flow rate was set at 1.0 mL/min.
All specimens were assayed in triplicate (N = 3).

2.2. Cytotoxicity of Composite Nanofibers

Cytotoxicity of fabricate nanofibers was assessed by MTT assay (Roche, Berlin, Germany).
Electrospun nanofibers were cut out with punch and placed onto 24-well culture plates. Human
fibroblasts were seeded (5 × 103 cells/well) in DMEM at 37 ◦C under 5% CO2/95% air conditions until
cell confluence. Cell viability was observed on Days 1, 2, 3, and 7 by MTT assays and evaluated using
an ELISA reader. The number of cells was also calculated under an optical microscope (Olympus IMT-2,
Tokyo, Japan).

2.3. In Vivo Study of Animal

2.3.1. Animal-Related Procedure

Twelve New Zealand white rabbits were enrolled for the in vivo study. The average weight of
the animals was 3.3 kg. All animal-related processes obtained the approval from the institution.
The animals were taken care of following the guidelines of the Department of Health and
Welfare, Taiwan.

The rabbit was sedated with 2% xylazine-HCl (5 mg/kg body weight) and Ketamine-HCl
(Ketasol, 30 mg/kg body weight). The operative area was cleaned and sterilized. All surgical
procedures were carried out using a #15 blade after the local injection of 0.5 mL 2% Xylestesin-A
containing epinephrine at a concentration of 1:100,000. A rectangular shape incision of 6 mm × 8 mm
(width × length) and 1–1.5 mm in thickness was created on the palate of rabbits. After eliminating the
graft, wet gauze was applied onto the donor site for 60 s with moderate finger pressure.

The 12 rabbits were stochastically separated into two groups: In the control group, the excision
wound was covered by a PCL stent without membrane and sutured with 6-0 polypropylene suture
at the corners of the stent (Figure 1). In the test group, the donor site was covered by a PCL stent
with multi-layered lidocaine/epinephrine/collagen loaded biodegradable nanofibrous membrane.
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For simplicity reason, the membrane with the PLGA/drug combination of 3:1 was employed. After that,
the stent was sutured with 6-0 polypropylene suture at the corners.

In the test group, the tissue fluid at the palatal excision wound was extracted using #30
standardized sterile paper point (DiaDent, Korea) on Days 1, 2, 4, 7, 10 and 14. Sampling was
performed in situ for 30 s during each procedure. Immediately after collection, the paper point
was eluted with 0.1 mL phosphate buffer solution and then stored at −20 ◦C until it was analyzed.
The HPLC analysis was employed to characterize the drug concentrations at each time period, using
the same procedure as the in vitro study.

Figure 1. (A) Schematic of the deployment of biodegradable stent and nanofibrous membrane on the
donor site; and (B) beforel and (C) after the deployment of stent and membrane.

2.3.2. Post-Surgery Evaluation

The daily changes of body weight, and food/water intakes were monitored post-surgery for
14 days. In addition, the hemostasis analysis was completed following the work of Saroff et al. [16].

2.3.3. Wound Healing and Histological Analysis

On Days 1, 3, 7 and 14 after operation, photos of the wound for each rabbit were taken. To evaluate
and compare the tissue responses at a microscopically level, standard biopsy was done at the end
of Days 1, 3, 7 and 14. The specimens were harvested and fixed in 10% formalin and embedded
in paraffin, cut into 4 μm frontal section. The epithelial and connective tissue characteristics were
examined by employing the Hematoxylin and Eosin (H&E) staining. The interpretation was completed
at ×10 and ×20 magnification by an independent examiner.

2.4. Statistical Analysis

The differences between groups were assessed using a least significance difference test,
by employing SPSS software (SPSS Inc., Armonk, NY, USA).

3. Results

3.1. In Vitro Characterization of Electrospun Drug-Loaded Nanofibrous Membranes

Figure 2 shows the SEM microphotos of the drugs loaded nanofibers and the diameter compositions
of each fiber. The calculated diameters were 614 ± 213 nm, 623 ± 149 nm, and 659 ± 204 nm, respectively,
for the 2:1, 3:1 and 6:1 lidocaine/epinephrine loaded PLGA/collagen nanofibers. The fiber diameter
increased slightly with the percentage of polymers in the membranes. When subjected to an external
force exerted by the electric field, the polymeric solution that has a higher polymer percentage showed
a higher strength and was less extended. Electrospun nanofibers thus exhibited greater fiber diameters.
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Figure 2. Scanning electron microscopy (SEM) photos and fiber diameter distribution of electrospun
drugs loaded nanofibers. PLGA:Lidocaine (A) 2:1 (B) 3:1 (C) 6:1.

Figure 3 displays the calculated spectra of non-drug loaded PLGA nanofibers and drug
incorporated PLGA nanofibers. The absorption peaks of epinephrine and lidocaine were identified in
electrospun PLGA nanofibers. The vibration peak at 3400 cm−1 can be attributed to the N-H bonds of
lidocaine and epinephrine, while the vibration at 3250 cm−1 of the O–H bond was improved with the
presence of the drugs. In addition, the absorbance at the region of 3200 cm−1 could be resulted from
the benzene of lidocaine [17] and epinephrine [18]. The results of the FTIR spectra demonstrated the
incorporation of drugs in the PLGA matrix.

Figure 3. Fourier Transform Infrared (FTIR) spectra of electrospun nanofibrous membranes. The results
of the FTIR spectra demonstrated the incorporation of drugs in the poly[(D,L)-lactide-co-glyco lide]
(PLGA) matrix.

Measured water contact angles of pure PLGA, and 6:1, 3:1 and 2:1 PLGA:drug ratio loaded
nanofibrous membranes were 127.4◦, 118.5◦, 87.6◦ and 54.6◦, respectively. The addition of lidocaine
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and epinephrine increased the hydrophilicity of the PLGA nanofibers. Furthermore, the water contact
angle (hydrophilicity) increased with the content of drugs in electrospun nanofibers.

The tensile test results demonstrated that the maximum strength (elongation at break) of
the pure PLGA, and 6:1, 3:1 and 2:1 PLGA:drug ratio loaded nanofibers were 4.53 MPa (229.7%),
2.85 MPa (51.2%), 1.87 MPa (37.0%) and 1.40 MPa (26.1%), respectively. Obviously, the mechanical
strengths decreased with the content of incorporated drugs.

Cytotoxicity experiments from MTT assays of the composite nanofibers were examined.
The measured result in Figure 4 suggested that the fabricated nanofibers do not show any signs
of cytotoxicity.

Figure 4. Toxicity of electrospun nanofibrous composite membranes (p < 0.05). The fabricated
nanofibers show no signs of cytotoxicity. (A) cell number; (B) optical density (OD) value.

3.2. In Vitro Elution Characteristics of Epinephrine and Lidocaine

Figure 5A shows the elution behaviors of lidocaine, while Figure 5B displays the release patterns
of epinephrine. The 6:1 polymer-to-drug ratio membrane showed a biphasic release profile, consisting
of a burst elution during the first two days and a steady and gradually diminishing drug release.
The elution pattern was comparable for the 3:1 and 2:1 polymer-to-drug ratios nanofibrous membranes,
with a steadily decreasing release, indicating that the lidocaine and epinephrine were evenly
encapsulated and distributed in the electrospun nanofibrous membranes. In addition, all biodegradable
nanofibers released effective concentrations of epinephrine and lidocaine for over three weeks.
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Figure 5. Release curves of: (A) lidocaine and (B) epinephrine from the nanofibrous membranes.
All biodegradable nanofibers released effective concentrations of epinephrine and lidocaine for over
three weeks.

3.3. In Vivo Elution of Lidocaine and Epinephrine

Figure 6 shows the in vivo elution profiles of lidocaine and epinephrine from the nanofibrous
membranes. Release peaks were observed at Days 1 and 3, after which the drug concentration dropped
significantly at Day 7 because both the stent and the membrane were not found at the wound sites by
Day 7, possibly removed by the rabbit’s tongue and swallowed by the rabbit. Measured drug level
thus decreased accordingly.

Figure 6. In vivo release of lidocaine and epinephrine from the nanofibrous membranes. Release peaks
were observed at Days 1 and 3, after which the drug concentration dropped significantly at Day 7.

3.4. Efficacy of Released Drugs

3.4.1. Hemostasis Efficacy

The hemostasis efficacy of the drugs loaded nanofibrous membranes was evaluated [15]. For the
initial hemostasis (1 min after the surgery), 67% (4/6) in the test showed hemostasis outcome, but only
17% (1/6) of wounds displayed hemostasis. Furthermore, while 100% (6/6) of the wounds in the

356



Polymers 2017, 9, 416

test group exhibited effective hemostasis at 10 min, only 83% (5/6) of the wounds in the control
showed hemostasis. The results here demonstrated the hemostasis capability of the drug-loaded
collagen nanofibers.

3.4.2. Weight Changes

The preoperative body weights in the control group and the test group were comparable:
2.97 ± 0.43 kg in the control group A and 3.04 ± 0.68 kg in the test group B. No significant difference
was found in the mean body weights of the rabbits between the control group and the test group by
the end of the study.

3.4.3. Food Intake and Water Consumption

The food intake and water consumption were recorded. On Day 1, food intake by rabbits in the
control group decreased significantly when compared to those in the test group. The amount of food
intake increased gradually for all rabbits in both groups. On Day 14, rabbits of both groups regained
their normal food intake (approximately 135 g). Throughout the study period, the rabbits in the test
group exhibited greater food intake than did the rabbits in the control group. However, the difference
did not reach significant level.

On the other hand, all rabbits reduced their water consumption by 50% at one day post-operation,
after which the water consumption increased gradually. On Day 14, all rabbits regained their
normal amount of water consumption (approximately 1100 mL). Again, the rabbits in the test group
(composite membrane group) showed greater amount of water consumption than did those in the
control group, although the difference is not statistically significant.

3.4.4. Wound Healing and Histological Analysis

Figure 7 shows the upper gingiva of the rabbits from each group on Days 1, 3, 7 and 14 after
surgery. On Day 1, stents of both groups were in situ. The biodegradable composite membranes fully
covered the palatal wound. From the window of the control site stent, formation of the granulation
tissue could be observed. On Day 3, stents in the control group were sloughing, while the multiple
layered nanofibrous membrane was broken at the wound site. Food debris was also found. All stents
in both groups were completely disintegrated by Day 7. The gross wound appearance in the control
group exhibited necrotic tissue along with new epithelialized gingiva tissues. In contrast, the wound
dressed by the multiple layered nanofibrous membrane showed clear wound surface. On Day 14,
the wounds in rabbits of both groups were fully recovered.

 

Figure 7. Wound healing in (A) control group and (B) test (nanofibrous composite membrane) group
on Days 1, 3, 7 and 14 post-surgery.
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Figure 8 shows the histological analysis result. On Days 1 and 3, necrosis with heavy
Polymorphonuclear neutrophils (PMN) infiltrations were observed in both groups. Despite the fact
that active fibrosis had been found in both groups, PMN infiltration was moderate in the drug-eluting
membrane treated wounds, while the wounds in the control group showed heavy PMN infiltration on
Day 7. On Day 14, fibrosis with few inflammatory cells was found on both groups and no significant
difference was found between the groups.

 

Figure 8. Histological images of (A) control group and (B) nanofibrous composite membrane group
on Days 1, 3, 7 and 14. Polymorphonuclear neutrophils (PMN) infiltration was moderate in the
drug-eluting membrane treated wounds, while the wounds in the control group showed heavy PMN
infiltration on Day 7.

4. Discussion

Postoperative pain and bleeding are the most common complications following soft tissue grafting
procedures. Pain control is important during the early phase in soft tissue surgery. In the early operative
period, free gingival graft accounts for the greater incidence of donor site pain. The pain results in
stress and impairs the neutrophil function. Furthermore, the stress affects the immune system and
down regulates IL-1 gene expression and impairs wound healing [19]. After the procedures, tissues at
excisional wound are substituted by fibrin and inflammatory cells. The palatal excision wound with
large epithelial deficiencies cannot cure by initial closure of the wound edges. A secondary recovery
with epithelial cell migration from the surrounding to the central region of the defect is usually
required to heal the wound [20,21]. Ward was the first to advocate for the adoption of periodontal
dressing after gingival surgery so as to decrease pain and infection at the wound site [22]. Various
procedures for protecting and covering the donor site, including intraoral bandage or oral adhesive,
interproximal wire ligation, surgical dressing by mattress sutures, and modified Hawley retainer,
have also been proposed [23]. To facilitate the recovery process and to decrease the occurrence of
complications, chemotherapeutic agents and hemostatic agents, ozonides and low-intensity pulse
ultrasound, and low-energy laser irradiation were introduced [8,24–26].

This study developed multi-layered nanofibrous lidocaine/epinephrine-eluting PLGA membranes
that provide good conformity to underlying gingiva, reduce postoperative pain and hemorrhage,
and protect the clot from the forces applied during chewing. The drug release kinetics for the
biodegradable drug-eluting nanofibrous membranes comprise of two different phases: an initial
burst and a degradation-dominated phase. During electrospinning, most drugs are encapsulated and
distributed in the nanofibers. Nevertheless, some drug compounds may be located on the nanofiber
surface, thus resulting in the initial burst. After that, the drug-elution behavior is mainly decided by
polymer degradation. The drugs are released as the polymers degrade with time [27]. The nanofibers
thus exhibited a steady and diminishing release of epinephrine and lidocaine. The biodegradable
multi-layered drug-eluting PLGA/collagen nanofibrous membranes could release high levels of
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epinephrine and lidocaine for over four weeks. This would provide advantages for pain and bleeding
control and tissue regeneration.

Malmquist et al. [28] studied the HemCone dental dressing (HDD) and showed that it is a clinically
effective hemostatic device that significantly reduces bleeding time after oral surgeries. HDD is
fabricated from freeze-dried chitosan derived from shrimp shell chitin. Several authors demonstrated
that HDD exhibits cell adhesion properties and releases growth factors from human palates stimulated
by chitosan [29,30]. Despite the hemostatic capability, small amounts of unreacted residual acetic acid
in wounds covered by the HDDs can cause temporary pain in the first two days after surgery [28].
This study employed PLGA as the delivery vehicle of the drugs. PLGA is a biocompatible and
biodegradable polymeric material that shows a wide range of degradation times as well as adjustable
mechanical properties. It has been widely investigated as delivery carriers for drugs, proteins and
various other macromolecules [31,32].

Recent studies used platelet-rich fibrin (PRF) for promoting palatal donor wound healing. PRF
is a fibrin matrix incorporating and releasing platelet cytokines, growth factors, and cells. The fibrin
matrix is the natural guide of initial angiogenesis modulated by the binding to various growth factors.
Fibrin plays an important role in modulating neutrophil activity and inducing epithelial cell migration
to enhance the process of wound healing [33]. Kulkarni et al. [34] reported that PRF used for palatal
wounds promotes complete wound closure at one week, reduces inflammation reaction at the periphery
of the healing wound, and displays good control of bleeding at the time of surgery [32]. Although
PRF has a positive effect on wound healing, patients may suffer from venous blood donation with
another skin wound. In addition, as the preparation is strictly autologous, the amount of PRF obtained
is limited.

Collagen is a natural substrate of extracellular matrix. The collagen dressing has the ability
to realize hemostasis, chemotactic to fibroblasts and platelets, and induce the proliferation and
differentiation of mesenchymal cells. Shanmugam et al. [35] demonstrated that collagen-based dressing
offers significantly greater advantages over the traditional non-eugenol dressing in the healing of
palatal wounds. As a scaffold, the nanofibrous membranes should be able to enhance cell proliferation
and physiological function and retain normal states of cell growth. In this study, the electrospun
multi-layered nanofibrous membranes show no signs of cytotoxicity. The possible effect of released
acid from the hydrolysis of PLGA nanofibers on cell proliferation was also negligible. Furthermore,
the animals dressed with the drug-eluting nanofibers show greater food intake and water consumption
than did those without (the control). The measured in vivo release curve (Figure 6) showed that the
multi-layered nanofibers release high concentrations of epinephrine and lidocaine during the first
three days, which helps relieve pain [11]. This suggests that the fabricated nanofibers may provide
effective analgesic effects at the wound site of free tissue grafts and promote wound healings.

It has been proposed that human skin fibroblasts exhibited higher growth on nanofibrous
membranes possessing fiber diameters in the range of 350–1100 nm [36]. The measured diameters
were 614 ± 213 nm, 623 ± 149 nm and 659 ± 204 nm, respectively, for the 2:1, 3:1 and
6:1 lidocaine/epinephrine loaded PLGA nanofibrous membranes. The fabricated membranes thus
show positive cell proliferations in normal human fibroblasts. Despite the fact that lidocaine
and epinephrine released from the nanofibers may delay cell growth and proliferation on Day 1,
the negative impact of released drugs was found to be negligible starting from Day 2 and forward
(Figure 4). On the other hand, the histological analysis images show no inflammation of the tissues.
This further supports that the PLGA/drugs/collagen nanofibers can be an appropriate scaffold for
tissue regeneration of free grafts.

5. Conclusions

This study developed multi-layered lidocaine- and epinephrine-eluting PLGA/collagen
nanofibers and evaluated their efficacy for pain relief and hemostasis in palatal oral wounds of
rabbits. All nanofibers exhibited good biocompatibility and eluted effective levels of lidocaine and
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epinephrine at the early stages of wound healing. Rabbits in the test group showed faster hemostasis
as well as recovery of food and water intake postoperatively, compared with those in the control group.
The experimental results demonstrate that the multi-layered biodegradable nanofibrous membranes
offered adequate efficacy of hemostasis and sustainable pain relief for the initial healing of palatal
oral wounds.
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Abstract: A new microencapsulated flame retardant containing melamine polyphosphate (MPP)
and 4,4′-oxydianiline-formaldehyde (OF) resin as the core and shell materials, respectively, was
synthesized by in situ polymerization. 29Si NMR was used to measure the condensation density
of polyurethane containing silicon compound (Si-PU). The structures and properties of the
microencapsulated melamine polyphosphate (OFMPP) were characterized using X-ray photoelectron
spectroscopy, scanning electron microscopy and water solubility. Thermal behavior of the OFMPP
was systematically analyzed through thermogravimetric analysis. Flame retardance tests such as the
limiting oxygen index and UL-94 were employed to evaluate the effect of composition variation on the
MPP and OFMPP in polyurethane composites. The results indicated that the microencapsulation of
MPP with the OF resin improved hydrophobicity and that the flame retardance of the Si-PU/OFMPP
composite (limiting oxygen index, LOI = 32%) was higher than that of the Si-PU/MPP composite
(LOI = 27%) at the same additive loading (30 wt %).

Keywords: microencapsulation; melamine polyphosphate; polyurethane; composite; flame retardant

1. Introduction

Polyurethane (PU) can be manufactured as per different requirements and is widely applied
to fulfill daily needs and manufacture industrial goods. PU can be applied to coatings, adhesives,
synthetic leather and elastomers [1,2]. Although its applications are broad, its thermal stability and
flame retardance are relatively poor owing to its structure, limiting its application in certain areas.
In recent years, many studies have been conducted on flame-retardant PU and considerably high
flame retardance has been achieved [1–3]. In this study, silicon component was introduced into PU to
increase thermal stability of polymer matrix, which was called as Si-PU. It was expected to expand
above applications fields. Recently, commercial halogen-free flame retardants have gained increasing
research attention. Several series of phosphorus and nitrogen compounds such as phosphates [4],
melamine [5], ammonium polyphosphate (APP) [6], melamine polyphosphate (MPP) [7] and melamine
phosphate (MP) [8] have been studied. The present study focused on MPP. Because MPP has two
types of structures, APP and melamine, it can promote the formation of a char layer at the surface of
the polymer via phosphorylation and promotion of cationic crosslinking during the flame retardation
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process, achieving an intumescent effect [9]. The effect of an intumescent flame retardant is thus
related to char formation; however, char formation is also related to the level of intumescent flame
retardant present and thermal degradation properties [5]. In recent years, microencapsulated flame
retardants have been widely studied by scholars who believe that MPP in microcapsules can effectively
improve flame retardance and thermal stability [10–15]. In this study, microencapsulation of MPP was
utilized to obtain a surface with a char-forming compound. Furthermore, microencapsulated MPP
(4,4′-oxydianiline-formaldehyde MPP (OFMPP)) was prepared and used. The thermal stability and
flame retardance of the composites containing microencapsulated MPP were determined.

2. Materials and Methods

2.1. Materials

Isophorone diisocyanate (IPDI, purity 98%), ethylenediamine (purity 99%),
3-aminopropyltriethoxysilane (APTS, purity 99%), 4,4′-oxydianiline (ODA, purity 98%) and
formaldehyde (37 wt %) were purchased from Acros Organics Co., Morris, NJ, USA. Anhydrous
stabilized tetrahydrofuran (THF) was supplied by Lancaster Co., Morecambe, Lancashire, UK.
Arcol polyol 1007 (polyether polyols 700) was purchased from Bayer Material Science Ltd.,
Kaohsiung, Taiwan. MPP (phase II, n > 1000) was purchased from San Jin Chemicals Corporation,
Kaohsiung, Taiwan.

2.2. Preparation of Si-PU

First, IPDI (12.6 g) and polyether polyol (20 g) were placed into a four-necked flask. The contents of
the flask were mechanically stirred in a nitrogen atmosphere at 80 ◦C (external oil bath). Next, a metal
catalyst (DBTDL, 1 g) was placed into the flask. The mixture was stirred for 1.5 h to generate
a prepolymer and the viscosity reached 5000 cp. The temperature was lowered to 50 ◦C to avoiding
the escapting of solvent. THF solvent (50 mL), APTS (12.6 g) were added to the mixture and it
was stirred for 0.5 h, following which H2O (0.5 mL) was added. The temperature was increased to
70 ◦C and the viscosity increased due to increasing reaction extent. When the viscosity increased to
15,000 cp, the finished product (Si-PU) was removed from the reaction vessel, allowed to stand at room
temperature for 6 h and then dried in an oven at 80 ◦C at a reduced pressure for 12 h. The reaction is
shown in Scheme 1.
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Scheme 1. Preparation of Si-PU composites.

2.3. Preparation of OFMPP

First, 4,4′-oxydianiline (10 g) and formaldehyde (5.99 g) were placed into a reaction vessel
and then THF (40 mL) was added. Next, aqueous ammonia solution was added to adjust the pH
to 8–9. The temperature was increased to 60 ◦C for 10 min and the mixture became transparent.
Next, MPP (40 g) and ethanol (500 mL) were placed in another reaction vessel, preheated and stirred
for 0.5 h. The transparent prepolymer was added into the mixture. The pH of the mixture was adjusted
to be between 3 and 4 through the addition of aqueous hydrochloric solution and it was stirred at
80 ◦C for 3 h. The solid product was collected by filtration at reduced pressure, washed with ethanol
and dried in a convection oven for 12 h (Scheme 2).
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Scheme 2. (a) Preparation of OF resin (b) Preparation of OFMPP.

2.4. Preparation of Si-PU/OFMPP Composites

OFMPP flame retardant was added into the Si-prepolymer synthesized according to Scheme 3.
Then, 0.5 mL of H2O was added and the temperature was increased to 70 ◦C. The finished product
(Si-PU/OFAPP) was removed after the viscosity increased and placed into a mold. It was allowed to
stand at room temperature for 6 h and then placed in an oven, following which it was dried for 12 h at
80 ◦C and pressure was reduced.
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Scheme 3. Preparation of Si-PU/OFMPP composites.

2.5. Measurements

29Si NMR was performed using a spectrometer (DSX-400WB, Bruker, Rheinstetten, Germany).
The samples were treated at 180 ◦C for 2 h and then ground into fine powder. X-ray photoelectron
spectra (XPS) were recorded using a PHI Quantera SXM/Auger with Al Ka excitation radiation
(hν = 1486.6 eV). The pressure in the analyzer was maintained at approximately 6.7 × 10−7 Pa.
XPS data were processed using a DS 300 data system. MPP or microencapsulated MPP samples (10 g)
was placed into 100 mL distilled water at a different temperature and stirred at that temperature
for 60 min. The suspension was then filtered and 50 mL of the filtrate was collected and dried to
a constant weight at 105 ◦C. The morphology of the burnt surface of the composites was examined
using a scanning electron microscope (SEM) (JEOL JSM 840A, Osaka, Japan). Thermal degradation
of the composites was examined using a thermogravimetric analyzer (TGA) (Perkin Elmer TGA 7,
PerkinElmer Co., Waltham, MA, USA) from room temperature to 800 ◦C at a heating rate of 10 ◦C/min
in nitrogen atmosphere. The measurements were performed for 6–10 mg of samples. LOI testing
was performed following the ASTM D 2836 Oxygen Index Method (Atlas Fire Science Products Co.,
Kent, WA, USA), by using a test specimen bar that was 15 cm long, 6.5 ± 0.5 mm wide and 3.0 ± 0.5
mm thick. The sample bars were suspended vertically and ignited using a Bunsen burner. The flame
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was removed and the timer was started. The concentration of oxygen increased when the flame on
the specimen was extinguished before it had burned for 3 min or burned 5 cm away from the bar.
The oxygen content was adjusted until the limiting concentration was determined.

The UL94 test method based on the UL Standard for Tests for Flammability of Plastic Materials for
Parts in Devices and Appliances was used. Each test specimen bar was 15 cm long, 6.5 ± 0.5 mm wide
and 3.0 ± 0.5 mm thick. The vertical burning test was performed inside a fume hood. The samples
were held vertically with tongs at one end and burned from the free end. The samples were exposed to
an ignition source for 10 s, following which they were allowed to burn above cotton wool until both
the samples and cotton wool were extinguished. Observable parameters were recorded to assess the
fire retardance. The UL 94 test classified the materials as V-0, V-1 and V-2 according to the time period
required before self-extinction and the occurrence of flaming dripping after the ignition source was
removed. Each specimen was supported such that its lower end was 10 mm above the Bunsen burner
tube. V-0 is the most ambitious and desired classification. A blue 20-mm-high flame was applied to
the center of the lower edge of the specimen for 10 s and then removed. If burning ceased within 30 s,
the flame was reapplied for an additional 10 s. If the specimen dripped, particles were allowed to
fall onto a layer of dry absorbent surgical cotton placed 300 mm below the specimen. The specimens
were not allowed to burn with flames for more than 10 s after either application of the test flame.
The specimens that did not drip flaming particles that would ignite the surgical cotton were classified
as V-0 level. The specimens that did not burn with glowing or flames up to the holding clamp for
more than 30 s after either application of the test flame and did not drip flaming particles that would
ignite the surgical cotton were classified as V-1 level. The specimens that did not burn with flames for
more than 30 s after either application of the test flame and dripped flaming particles that ignited the
surgical cotton were classified as V-2 level. The specimens that burned with flames for more than 30 s
after either application of the test flame were classified as Fail.

3. Results and Discussion

3.1. 29Si-NMR of Si-PU

The structure of the pure PU matrix was relatively weak and was easily destroyed when heated.
After the structure was modified through the chemical reaction in Scheme 1, PU networks were formed
that promoted thermal stability and flame retardance. During the structural formation of the Si-PU
composite, a hydrolysis-condensation (sol-gel) reaction occurred. The degree of condensation was
analyzed through solid-state 29Si-NMR to obtain the percentage of condensation density.

As shown in Figure 1, the t-distribution and size of silicon spectra were explored. T1 is
a monosubstituted siloxane bond, T2 is a disubstituted siloxane bond and T3 is a trisubstituted
siloxane bond, representing the number of bonds of the tri-alkoy group of APTS that underwent
condensation. The figure clearly shows the area size of t-distribution at T2 > T3 > T1. After the
peak separation, the area size data were input into Equation (1) [16] to obtain a condensation density
of 76.33%, as shown in Table 1, indicating that Si–O–Si functional group has a favorable network
structure [17]. Network structure promoted the thermal stability of the composites.

Dc(%) =

[
T1 + 2T2 + 3T3

3
+

Q1 + 2Q2 + 3Q3 + 4Q4

4

]
× 100 (1)

367



Polymers 2017, 9, 407

Figure 1. Solid-state 29Si-NMR spectra of Si-PU composites.

Table 1. Area of the t-distribution.

Sample No.
Area (%)

Degree of condensation (%)T1 T2 T3

Si-PU composites 8 55 37 76.33

3.2. XPS of OFMPP

Figure 2 shows the peak chart produced by the XPS scan showing the microencapsulation of MPP.
The P2S and P2P of MPP were 134 and 191 eV, respectively, clearly indicating the peaks. The intensities
after microencapsulation were significantly reduced at P2S and P2P. O1s and N1s peaks were also
slightly reduced. This may be because the outer layer of OFMPP had a shell. By contrast, at C1s,
the peaks of OFMPP were higher compared with those of MPP.

(a) (b) 

Figure 2. XPS spectra of: (a) MPP; and (b) OFMPP.
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Thus, after microencapsulation, the outer surface of MPP has a layer of capsule shell, indicating
that a new flame retardant, OFMPP, was successfully formed through the microencapsulation of MPP.

3.3. Water Solubility of OFMPP

The compatibility between fillers and polymer matrix was tested through water solubility. If the
water solubility was poor, the fillers were hydrophobic. The compatibility between fillers and polymer
matrix improved and the fillers were well dispersed in polymer matrix. Figure 3 and Table 2 present
the weight change data of MPP and OFMPP after boiling in water solution. First, 1-g samples of
each MPP and OFMPP were placed into four containers and 50 mL of DI water were added into each
container. The temperature was increased to 25, 50, 75 and 100 ◦C (with 2 h of stirring), respectively.
The samples were filtered and dried, following which the weight was measured to observe the change.
If the weight remained constant, the compatibility with water was poor, indicating that the samples
were hydrophobic [18–24]. If the weight was somewhat reduced, they were considered hydrophilic.

 
Figure 3. Water solubility of MPP and OFMPP.

Table 2. Water solubility data of MPP and OFMPP.

Sample code
25 ◦C

(g/100 mL H2O)
50 ◦C

(g/100 mL H2O)
75 ◦C

(g/100 mL H2O)
100 ◦C

(g/100 mL H2O)

MPP 0.25 0.33 0.42 0.65
OFMPP 0.07 0.11 0.15 0.18

According to Figure 3 and Table 2, at room temperature, MPP and OFMPP lost 0.25 and
0.07 g/100 mL H2O, respectively, after 2 h of stirring. When the temperature was raised to 100 ◦C,
they lost 0.65 and 0.18 g/100 mL H2O, respectively. This indicates that MPP after water boiling is highly
compatible with water, i.e., it is hydrophilic. The weight of OFMPP did not change much after being
boiled in water, indicating an increase in its hydrophobicity. The aforementioned data show that OFMPP
does not have high water solubility after microencapsulation, indicating that it was not affected for the
storage at room temperature by moisture to experience deliquescence and that the stability increased
during storage. This implies that the OFMPP within the composites did not easily migrate in the
humid environment and the flame retardance of the composites was maintained to a satisfactory degree.
By contrast, the hydrophobic nature of OFMPP enhanced its compatibility with the Si-PU matrix.
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3.4. TGA of OFMPP

Figure 4 shows the thermogravimetric (TG) and derivative thermogravimetric (DTG) graphs of MPP
and OFMPP, which indicate that MPP and OFMPP have two stages of thermal degradation. For MPP,
the first stage occurred from 270 to 450 ◦C, wherein it released NH3 and H2O. Simultaneously, melamine
was converted into melam, melem, and melon, and MPP was gradually converted into pyrophosphate
and polyphosphate. At the second stage at more than 500 ◦C, melam pyrophosphates or melam
polyphosphates began to be changed from MPP and the final product was char residue containing
P–N [3,5,23–25]. For OFMPP, the TG curve at less than 350 ◦C was very similar to that of MPP, but OFMPP
had high thermal stability after 350 ◦C, with the degradation temperature decreasing. The DTG clearly
shows that the degradation rates in the two stages significantly decreased. This may be because of the
outer shell (OF) of OFMPP, where OF mainly comprised the benzene ring, thus increasing the thermal
stability and delaying the temperature for thermal degradation. The char yields at 800 ◦C for MPP and
OFMPP were 2.9 and 6.7 wt %, respectively, where OFMPP improved the char formation by 3.8 wt %.

(a) (b)

Figure 4. (a) TG; and (b) DTG curves of MPP and OFMPP.

The curves of TG and DTG show that the conversion of MPP into OFMPP through
microencapsulation indicated high thermal stability, implying that OFMPP can have a strong effect.

3.5. LOI and UL-94 of Si-PU/OFMPP Composites

Figure 5 and Table 3 present the experimental results for pristine PU, Si-PU, Si-PU/MPP 30%,
and Si-PU/OFMPP 10–40% after LOI and UL-94 tests. Figures 5 and 6 show the actual appearance
after the composites were burned.

 
Figure 5. Residues after burning for 1 min: (a) pure PU; (b) Si-PU; (c) Si-PU/OFMPP 10%;
(d) Si-PU/OFMPP 20%; (e) Si-PU/OFMPP 30%; (f) Si-PU/OFMPP 40% and (g) Si-PU/MPP 30%.
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Figure 6. Residues after burning for 1 min: (a) pure PU; (b) Si-PU; (c) Si-PU/OFMPP 10%;
(d) Si-PU/OFMPP 20%; (e) Si-PU/OFMPP 30%; (f) Si-PU/OFMPP 40% and (g) Si-PU/MPP 30%.

Table 3. Flame-retardant properties of pure PU, Si-PU, Si-PU/MPP 30% and Si-PU/OFMPP
10–40% composites.

Sample No.

LOI (%) UL-94

Before soakage After soakage
Before soakage After soakage

Ranking Dripping Ranking Dripping

Pristine PU 17 17 Fail YES Fail YES
Si-PU 18 18 Fail NO Fail NO

Si-PU/OFMPP 10% 19 19 Fail NO Fail NO
Si-PU/OFMPP 20% 25 24 Fail NO Fail NO
Si-PU/OFMPP 30% 32 30 V-0 NO V-1 NO
Si-PU/OFMPP 40% 38 36 V-0 NO V-0 NO

Si-PU/MPP 30% 27 24 Fail NO Fail NO

Figure 5 and Table 3 show that the LOI value of pristine PU was 17%, which was improved
to 18% for modified Si-PU. For the composites with added OFMPP at 10%, 20%, 30% and 40%,
the LOI values were 19%, 25%, 32% and 38%, respectively; the LOI values were greatly improved
after OFMPP was added. In terms of UL-94, pristine PU could not pass the flame retardant test.
When the OFMPP concentration was 20 wt %, the UL-94 test result was still Fail. The specimens
burned with flaming combustion for more than 30 s after either application of the test flame. However,
at 30% concentration, the results of UL-94 showed significant changes and improvement to the highest
V-0 grade. A comparison of the flame retardance between Si-PU/MPP 30% and Si-PU/OFMPP 30%
showed that the LOI and UL-94 for Si-PU/MPP 30% were 27% and Fail, respectively, and 32% and V-0
for Si-PU/OFMPP 30%. The LOI of Si-PU/OFMPP 30% was 5% higher than that of Si-PU/MPP 30%;
UL-94 was the most obvious, with Fail improved to V-0. This indicates that OFMPP offers outstanding
performance compared with MPP in terms of flame retardance.

In Table 3, the LOI value for Si-PU/MPP 30% before hot water treatment was 27% and was
reduced to 24% after hot water treatment (75 ◦C for 24 h). For Si-PU/OFMPP 30%, the LOI value was
reduced to 30% from the original 32%. The LOI change for Si-PU/MPP 30% was more significant than
that for Si-PU/OFMPP 30%. By contrast, in terms of the change for UL-94, the grade for Si-PU/OFMPP
30% changed from V-0 to V-1.

As for the appearance change after burning, the front view in Figure 5 shows that the top of
pristine PU after burning was in a candle-like molten state without any char-forming effect, whereas
Si-PU had char residue after burning. The composite with OFMPP showed that as the concentration
was increased, the char layer became more obvious and the intumescent volume increased. By contrast,
the char-forming effect for the composites with added MPP 30% was different from that of OFMPP 30%.
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Si-PU/MPP 30% showed partial char, whereas the char for Si-PU/OFMPP 30% was more compact and
wrapped around the entire polymer substrate.

The side view in Figure 6 shows the intumescent effect during the burning process. Both pristine
PU and Si-PU showed no intumescent flame-retardant behavior, whereas the intumescent effect became
more obvious for Si-PU/OFMPP 10–40% as the concentration increased, indicating higher flame
retardance. Irrespective of the size or width of the intumescent area, Si-PU/OFMPP 30% had higher
performance than Si-PU/MPP 30%. To summarize the results from LOI and UL-94, the comparison
showed that OFMPP, a product after microencapsulation, was more effective than MPP in terms of
flame retardance, implying that microcapsule formation improved the barrier effect. Furthermore,
the composites with added OFMPP had satisfactory flame retardance, whereas those with added MPP
had lower performance. Therefore, in terms of hot water treatment, OFMPP after microencapsulation
offered higher water resistance. When it was added into the polymer matrix, the flame retardance
did not change much, meaning that OFMPP was apparently more effective than MPP and that the
microencapsulation technology is flame retardant to a certain extent.

3.6. SEM of Si-PU/OFMPP Composites after Burning

Figure 7 shows SEM images of the morphology of Si-PU, Si-PU/MPP 30% and Si-PU/OFMPP
30% after burning. Figure 7a shows intumescent pores and hollow voids on the surface of the
Si-PU matrix after burning. The intumescent pores were formed by the char layer that was pushed
when nonflammable gas from the polymer was released. The voids were originally the intumescent
pores that burst after the char layer failed to withstand the strong release of the nonflammable gas.
The formation of voids introduces oxygen into the polymer substrate, further burning the matrix so
that an effective barrier cannot form to protect the polymer matrix. Figure 7b also shows voids in the
char layer after MPP is added. This may be because MPP causes the release of nonflammable gases,
for example, water vapor and NH3. However, there are no pores, indicating that MPP’s nitrogen ring
in melamine sufficiently complements the compactness of the char layer, although the layer thickness
is inadequate. Figure 7c shows that with OFMPP, the char density on the surface is sufficient and there
are intumescent layers that do not burst. This indicates that the benzene ring structure on the outer
shell of OFMPP has a sufficiently thick char layer to form a protective layer during burning [26–30].
This can support nonflammable air and the char layer stops the release of air while generating an
intumescent flame-retardant layer.

(a) (b) 

Figure 7. Cont.
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(c) 

Figure 7. SEM images of char residues after burning: (a) Si-PU; (b) Si-PU/MPP 30% and
(c) Si-PU/OFMPP 30%.

Thus, it can be concluded that Si-PU is a poor flame retardant, flame retardance of the composite
is still inadequate only after MPP is added and the composite with MPP after microencapsulation
can achieve compactness and sufficient barrier thickness. This means that the char layer of OFMPP is
significantly more favorable than that of MPP. Thus, OFMPP can effectively enhance flame retardance
and form an excellent thermal barrier.

4. Conclusions

The new generation of microencapsulation flame retardant developed in this study involved the
OF resin wrapping around the surface of the MPP to form an OFMPP flame retardant through the
characterization of XPS, 29Si NMR and water solubility. The data from the tests showed that adding
Si-PU/OFMPP 40% to polymer matrix could make the char yields reach approximately 26.9 wt % and
flame retardance grades LOI-38% and UL-94 V-0, indicating high performance. The test curves of TGA
and SEM also proved that OFMPP produced protective mechanisms at different temperatures, further
improving the thermal stability and char yield. When MPP before and after microencapsulation are
compared, the treatment clearly demonstrates high flame retardance and thermal stability. The new
microencapsulated flame retardant successfully improved the shortcomings of flammable PU and
could be developed for use in various applications.
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Abstract: In this paper, the dispersion of carbon nanotube (CNT) in ethylene vinyl acetate (EVA)
is demonstrated to be significantly improved by the addition of octadecylamine (ODA)-grafted
graphene oxide (GO) (GO–ODA). Compared to the CNT/EVA composite, the resultant
GO–ODA/CNT/EVA (G–CNT/EVA) composite shows simultaneous increases in tensile strength,
Young’s modulus and elongation at break. Notably, the elongation at break of the G–CNT/EVA
composite still maintains a relatively high value of 1268% at 2.0 wt % CNT content, which is more
than 1.6 times higher than that of CNT/EVA composite (783%). This should be attributed to the
homogeneous dispersion of CNT as well as the strong interfacial interaction between CNT and EVA
originating from the solubilization effect of GO–ODA. Additionally, the G–CNT/EVA composites
exhibit superior electrical conductivity at low CNT contents but inferior value at high CNT contents,
compared to that for the CNT/EVA composite, which depends on the balance of CNT dispersion
and the preservation of insulating GO–ODA. Our strategy provides a new pathway to prepare high
performance polymer composites with well-dispersed CNT.

Keywords: carbon nanotube; homogeneous dispersion; ethylene vinyl acetate; mechanical performance;
electrical conductivity

1. Introduction

Carbon nanotube (CNT) has been regarded as a very promising nanofiller for polymer matrices
to achieve high performance and multifunction, due to its extraordinary mechanical, electrical,
and thermal properties [1–8]. The CNT-based polymer composites are expected to make enormous
technological and commercial impacts in view of extensive applications in sensing devices [9,10],
electrical shielding and heating devices [11–15], as well as advanced composites for space and
aircrafts [16,17]. Nevertheless, the resultant performances show much lower efficiency than expected
though significant efforts have been made. This is mainly attributed to the fact that CNTs easily
agglomerate in polymer matrices because of the high aspect ratio and strong van der Waals interactions,
which would greatly limit their utilization [18,19].

Recently, there are growing efforts on controlled surface modification of CNT to realize well
dispersion through covalent or noncovalent approaches [20–26]. The covalent functionalization
lacks economic benefits and would introduce many defects that inevitably deteriorate the intrinsic
performances of CNT, whereas the noncovalent functionalization is particularly attractive because it
preserves nearly all intrinsic features of CNT. For traditional noncovalent approaches, homogeneous
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CNT dispersion was always facilitated by surfactant and polymer wrapping based on van der Waals
interactions or π–π stacking interactions. However, the surfactants may largely affect the properties
of the obtained composites and the available polymers for CNT solubilization are limited [27,28].
Recently, graphene oxide (GO) was demonstrated as a high-efficient surfactant to disperse CNT due
to the high solubility and adhesion of CNT onto the flat GO sheets through strong π–π stacking
interaction [29–33]. For instance, Liao et al. reported that the incorporation of GO prominently
improved the dispersion of CNTs in poly(vinyl alcohol) (PVA) and the resulted GO–CNT/PVA
composite showed great improvements in the yield strength and Young’s modulus compared to those
of CNT/PVA composite [31]. Fu et al. demonstrated that the tribological performance of CNT/epoxy
composite was significantly enhanced by the incorporation of GO that improves the dispersion of
CNT [32]. Although significant progress was achieved in developing high-performance materials,
it should be noted that the GO-dispersed CNT was mainly applied in the strong polar polymer
matrices, such as PVA, epoxy, and polyurethane, owing to the presence of hydrophilic functional
groups (hydroxyl, epoxide, and carboxylic groups). The highly hydrophilic feature of GO makes
it hardly achieve the favorable dispersion quality of CNT in weak or non-polar polymer matrices,
which greatly restricts the development of such type of composites for advanced functional materials.
Recently, tremendous attentions have been paid to the oleophylic modification of GO by grafting long
alkyl chains to improve its dispersion in non-polar organic solvents and enhances its compatibility
with weak or non-polar polymer matrices [34–36]. Inspired by the high efficiency of GO to disperse
CNT in strong polar polymers, it is reasonable to hypothesize that long alkyl chain grafted GO should
be promising and ideal to realize the efficient dispersion of CNT in weak or non-polar polymers.

In the current study, octadecylamine (ODA) grafted GO (GO–ODA) was synthesized to assist the
dispersion of CNT in ethylene vinyl acetate (EVA), because CNT-based EVA composites are widely
used for various applications such as packaging films, adhesives, antistatic field and electromagnetic
shielding in view of their excellent flexibility, durability, and chemical resistance [37–39]. Significantly
improved dispersion of CNT was achieved because of the strong solubilization of GO–ODA to CNT.
The effect of CNT dispersion on the mechanical and electrical properties of EVA composites was
investigated thoroughly. This solubilization approach for CNT with the assistance of GO–ODA is
confirmed to be an effective strategy to fabricate high-performance CNT-based polymer composites.

2. Materials and Methods

2.1. Materials

The commercially available EVA containing 28 wt % of vinyl acetate was kindly provided by
Beijing Dongfang Petroleum Chemical Co. (Beijing, China). The density is 0.92 g/cm3 and the melt
flow rate is 25 g/(10 min) (190 ◦C, 21.6 N). Graphene oxide (GO) was prepared from expanded graphite,
which was provided by Qingdao Haida Graphite Co., Ltd. (Qingdao, China) with an expansion rate of
200 mL/g, by the modified Hummers method, as described in our previous work [40]. CNT (NC 7000
series), with average diameter of 9.5 nm, length 1.5 μm, surface area 250–300 m2/g, and 90% carbon
purity, was supplied by Nanocyl S.A., (Sambreville, Belgium). ODA, xylene, deionized water and
anhydrous ethanol were supplied by Chengdu Kelong Chemical Reagent Factory, Chengdu, China.
All these chemicals were analytical reagent and used without further purification.

2.2. Preparation of GO–ODA

GO–ODA was prepared by facile refluxing of GO and ODA. Specifically, 0.6 g GO was initially
dispersed in 300 mL deionized water via vigorous agitation and ultrasonic treatment for 60 min.
Then the resulting uniform suspension was mixed with ODA/ethanol solution (0.9 g in 90 mL) in a
three-neck flask. The mixture was refluxed with intensified mechanical stirring for 24 h at 85 ◦C and
filtrated by a PTFE membrane (0.2 μm pore size). The filtrated powder was then washed thoroughly
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with ethanol and filtered to remove the remaining ODA. Finally, the mixture was dried in a vacuum
oven overnight at 60 ◦C for 48 h.

2.3. Preparation of GO–ODA/CNT/EVA Composites

The schematic representation for the preparation of GO–ODA/CNT/EVA composites is illustrated
in Figure 1. Firstly, GO–ODA was suspended in xylene via ultrasonication for 30 min, then CNT was
added to GO–ODA dispersion (1:1 weight ratio) and further ultrasonicated for 60 min. Meanwhile,
EVA was completely dissolved in hot xylene (75 ◦C) by mechanical stirring for 60 min. Subsequently,
GO–ODA/CNT/xylene dispersion was poured into the EVA/xylene solution and the mixture was
continuously stirred for 30 min at 75 ◦C. Afterwards, the mixture was recovered by flocculation
with ethanol, followed by filtering and drying in a vacuum oven (60 ◦C) for 48 h. Finally, the dried
mixture was compression molded under the pressure of 10 MPa at 160 ◦C, after preheating for
5 min. The resultant GO–ODA/CNT/EVA composites were marked as G–CNT/EVA composites.
For comparison, the CNT/EVA composites were also prepared under the same processing conditions.

Figure 1. Scheme of the fabrication process of the G–CNT/EVA composites.

2.4. Characterizations

Fourier-transform infrared spectroscopy (FTIR) spectra were recorded with a 2 cm−1 spectral
resolution on a Nicolet 6700 FTIR spectrometer (Thermo Nicolet, Waltham, MA, USA) in transmission
mode. GO or GO–ODA was ground with KBr and pressed into KBr disks for FTIR measurements. X-ray
diffraction (XRD) data was collected with a DX-1000 diffractometer (Dandong Fangyuan Instrument
Co., Ltd., Liaoning, China) using CuKa irradiation at 40 kV in a scanning range from 2◦ to 30◦.
Water contact angle was measured by using a DSA 30 KRUSS drop shape analyzer (Kruss, Hamburg,
Germany). Thermogravimetric analysis (TGA) was carried out to evaluate the thermal stability of GO
and GO–ODA on a NETZSCH 209F1 (Netzsch, Bavarian, Germany), at a heating rate of 10 ◦C/min
over 40–600 ◦C under nitrogen atmosphere. Scanning electron microscopy (SEM) images were taken
by a field emission SEM (Inspect-F, FEI, Hillsboro, OR, USA) at an accelerating voltage of 20 kV.
The specimens were cryo-fractured in liquid nitrogen and the fracture surfaces were coated with
a thin layer of gold before morphological observation. The volume conductivity of the composite
above 10−6 S/m was carried out on a four-point probe instrument (RTS-8, Guangzhou Four-Point
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Probe Technology Co., Ltd., Guangzhou, China) and the volume conductivity below 10−6 S/m was
measured with a Keithley electrometer Model 4200-SCS (Keithley, Beaverton, OR, USA). Tensile test
was performed on an Instron universal test instrument (Model 5576, Instron Instruments, Norwood,
MA, USA) at room temperature. The loading rate was 100 mm/min and the gauge length was 20 mm.
More than five samples were tested to calculate the average value and standard deviations.

3. Results

3.1. Characterization of GO–ODA

FTIR spectra were performed to determine the chemical changes that occurred during the refluxing
of ODA and GO. As shown in Figure 2a, the absorption bands of GO appear at 1710, 1642, 1420,
and 1064 cm−1, corresponding to C=O in carboxyl group, C=C in aromatic ring, C−OH stretching
and C–O–C in epoxide, respectively [36]. The broad peak appearing at 3256 cm−1 is assigned to
the hydroxyl groups. When it comes to GO–ODA, the existence of the octadecyl chain is clearly
demonstrated because of the emerging peaks at 2919 cm−1 and 2850 cm−1 (–CH2 stretching in the
octadecyl chain) as well as the peak at 720 cm−1 [41,42]. Furthermore, the weakened intensity of
C–O–C and disappearance of C=O in carboxyl group indicate the amidation reaction between the amine
functionality of ODA with the epoxy and carboxyl functionality of GO, confirming the nucleophilic
substitution between ODA with GO occurred during the refluxing [36]. The new peaks at 1576 cm−1

(N–H bending of amide) and 1470 cm−1 (C–N stretch of amide) in GO–ODA also indicate the presence
of amide-carbonyl bond between ODA molecule and GO. All these results affirm the intercalation
and chemical reaction of ODA with GO, which is in line with the reported in the literature [36,43].
The XRD curves of GO and GO–ODA are presented in Figure 2b. Compared to diffraction peak
of GO at 9.6◦, the peak for GO-ODA shifts to smaller angles of 5.3◦, corresponding to the increase
in the intra-gallery spacing from 0.89 nm to 1.7 nm. The enlarged intra-gallery space indicates the
intercalation of the octadecyl chains between the GO nanosheets, supporting the reaction of ODA
and GO. The influence of functionalization on the wetting property of GO was confirmed by the
contact angle measurements. The contact angle of GO–ODA increases to 110.4◦ in comparison with
that of hydrophilic GO (73.2◦), revealing that the attached hydrophobic hydrocarbon chains make the
GO–ODA hydrophobic (Figure 2c). TGA was further used to analyze the amination of ODA on GO
surface and calculate the grafting ratio of ODA. As shown in Figure 2d, ODA shows a rapid weight loss
starting at a low temperature (120 ◦C), and is almost exhausted when the temperature reaches 300 ◦C.
In case of GO, two significant weight loss stages are observed, corresponding to the volatilization
of water between 40 and 100 ◦C and the pyrolysis of the labile oxygen containing functional groups
on GO between 170 and 270 ◦C, respectively. Compared to GO and ODA, the larger weight loss of
GO–ODA in the range of 200–500 ◦C is mainly attributed to the decomposition of covalently bonded
ODA on GO surface, demonstrating the successful graft modification of GO with ODA. The grafting
ratio of ODA is calculated to about 9.1 wt % according to the yields of residual carbon at 600 ◦C [36].
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Figure 2. (a) Fourier-transform infrared spectroscopy (FTIR) spectra of graphene oxide (GO) and
octadecylamine-grafted GO (GO–ODA); (b) X-ray diffraction (XRD) patterns of GO and GO–ODA;
(c) Surface water contact angle of GO and GO–ODA; (d) TGA curves of ODA, GO and GO–ODA.

3.2. Dispersion of CNT in EVA

The dispersion of nanofillers has a direct correlation with the mechanical, electrical, and other
properties of nanofiller/polymer composites. The fractured surface of the CNT-based EVA composite
was observed with SEM to assess the CNT dispersion, as shown in Figure 3. For the G–CNT/EVA
composites, CNTs are uniformly dispersed in EVA matrix without any visible aggregations
(Figure 3a,b). While for the CNT/EVA composites, CNT agglomerations (labeled by red circle)
are obviously observed (Figure 3c,d), mainly due to the intrinsic strong Van der Waals force of CNTs.
These results indicate that GO–ODA plays a role of compatilizer for CNTs and EVA, which facilitates
the dispersion of CNTs. Moreover, compared with the smooth fractured surface of 2.0 wt %
CNT/EVA composite, the 2.0 wt % G–CNT/EVA composite shows a relatively rough fractured
surface, demonstrating the excellent compatibility and strong interfacial adhesion of CNTs with
EVA [36]. Based on the aforementioned analysis, the application of GO–ODA not only improves the
CNT dispersion in EVA matrix but also enhances their interface adhesion, which should be attributed to
the π–π stacking interaction between CNTs and GO–ODA and the interpenetration of GO–ODA chains
with EVA chains. The well-dispersed CNTs in EVA matrix and high compatibility of CNTs with EVA
are expected to impart the G–CNT/EVA composites with superior mechanical and electrical properties.
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Figure 3. SEM images of the G–CNT/EVA composites with (a) 0.3 wt % and (b) 2.0 wt % CNT,
respectively. SEM images of the CNT/EVA composites with (c) 0.3 wt % and (d) 2.0 wt % CNT,
respectively. The red circles in (c) and (d) refer to the CNT agglomerations.

3.3. Effects of CNT Dispersion on Mechanical Properties

Figure 4a shows typical stress–strain curves of pure EVA, G–CNT/EVA, and CNT/EVA
composites. With CNT incorporation, both G–CNT/EVA and CNT/EVA composites show increased
tensile strength and Young’s modulus, but decreased elongation at break, compared to those for pure
EVA. The average Young’s modulus, tensile strength, and elongation at break are calculated and
illustrated in Figure 4b–d, respectively. The tensile strength and Young’s modulus of the 0.3 wt %
CNT/EVA composite are 22.7 and 13.5 MPa, which correspond to 56.6% and 53.4% increases from
14.5 and 8.8 MPa for pure EVA. Further increasing CNT content to 2.0 wt % in the CNT/EVA composite,
the Young’s modulus increases to 15.5 MPa due to the high stiffness of CNT, while the tensile strength
drops to 15.3 MPa, mainly originating from the reduced elongation at break, which should be attributed
to the heavy agglomeration of CNT in EVA matrix. This phenomenon is in line with previously
reported CNT reinforced polymer composites [7,25]. When it comes to G–CNT/EVA composites,
the improved CNT dispersion significantly boosts up the elongation at break as compared to the
CNT/EVA composite. For instance, a more than 61.9% increase in elongation at break from 783% to
1268% is achieved at 2.0 wt % CNT content. Moreover, the G–CNT/EVA composites exhibit much
higher tensile strength and Young’s modulus than those of the CNT/EVA composites. The excellent
mechanical performance of the G–CNT/EVA composites should be attributed to the improved
dispersion of CNT and the high compatibility between CNTs and EVA molecular chain with the
assist of GO–ODA, both of which facilitate effective stress transfer in the composites.
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Figure 4. (a) Typical stress–strain curves of pure ethylene vinyl acetate (EVA) and its composites with
various CNT loadings; (b) Tensile strength, (c) Young’s modulus, and (d) elongation at break of pure
EVA and its composites.

3.4. Effects of CNT Dispersion on Electrical Properties

Figure 5 shows the electrical conductivities of the G–CNT/EVA and CNT/EVA composites
as a function of CNT content. Significant increases in the electrical conductivities of both the
G–CNT/EVA and the CNT/EVA composites are observed with increasing CNT contents. Interestingly,
the G–CNT/EVA composites exhibit superior electrical conductivities at low CNT contents, but inferior
electrical conductivities at high CNT contents, compared to the CNT/EVA composites. At a very
low CNT content of 0.2 wt %, the electrical conductivity of G–CNT/EVA composite already reaches
6.9 × 10−8 S/m, satisfying the antistatic criterion for commercial application [44]. Such value is
about 4 orders of magnitude higher than that of the CNT/EVA composite (4.3 × 10−12 S/m). As the
CNT loading rises to 0.5 wt %, the electrical conductivity of the G–CNT/EVA composites increases
to 4.9 × 10−6 S/m, which is still higher than that of CNT/EVA composites. However, with further
increasing CNT loadings to 1.0 wt % and 2.0 wt %, it can be seen that the electrical conductivities of
CNT/EVA composites exceed that of the G–CNT/EVA composites. The main reasons for the interesting
phenomenon can be found in the following two aspects. The first aspect is that the incorporation of
GO–ODA can significantly improve CNT dispersion in EVA matrix due to π–π stacking interaction
between GO–ODA and CNT. This contributes to the formation of inter-connected CNT networks.
The second aspect is that the abundant presence of insulating GO–ODA between the adjacent CNTs will
increase their contact resistance and thus hinder the electronic transport of CNTs in EVA. To provide
visual demonstration of the conductive networks in the G–CNT/EVA and CNT/EVA composites,
schematic representations are shown in Figure 5b,c and Figure 5d,e, respectively. At low CNT loading,
the improved CNT dispersion contributes to the formation of effective conductive networks in the
G–CNT/EVA composites (Figure 5b), while conductive networks are not formed in the CNT/EVA
composites due to the agglomeration of CNTs (Figure 5d). Thus the first aspect plays a leading role in
the electrical conductivity of the composites, which impart the G–CNT/EVA composites with higher
electrical conductivity than that of the CNT/EVA composites. At high CNT loading, the CNT amount
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is enough to form inter-connected CNT networks in both the G–CNT/EVA composites (Figure 5c) and
CNT/EVA composites (Figure 5e). The second aspect is dominant for the electrical conductivity of the
composites and thus the G–CNT/EVA composites exhibit inferior electrical conductivity compared
to that of CNT/EVA composites. A similar phenomenon was also reported for other CNT-based
composites with the assistance of surfactants to improve CNT dispersion [45].

Figure 5. (a) Electrical conductivities of the G–CNT/EVA and the CNT/EVA composites. (b) and
(c) The scheme of the conductive networks in the G–CNT/EVA composites at low and high CNT
contents, respectively. (d) and (e) The scheme of the conductive networks in the CNT/EVA composites
at low and high CNT contents, respectively.

4. Conclusions

We demonstrate a facile and effective approach to realize the homogeneous dispersion of CNT in
EVA matrix, by using GO–ODA as a compatilizer. The resultant G–CNT/EVA composites show
superior mechanical properties in comparison with the CNT/EVA composites, which could be
attributed to the uniform dispersion of CNT in EVA matrix and the strong interfacial interaction
between CNT and EVA, originating from the solubilization effect of GO–ODA. At a very low CNT
content of 0.2 wt %, the electrical conductivity of G-CNT/EVA already reaches 6.9 × 10−8 S/m,
satisfying the antistatic criterion for commercial application. The concept of dispersing CNT by using
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hydrophobic GO–ODA in our work can be easily extended to other CNT-based polymer systems,
which paves the way to develop such composites with excellent properties.
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