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Preface to “Design and Development of

Nanostructured Thin Films”

Nanostructured thin films have attracted a considerable interest due to their unique

size-dependent physicochemical properties, which are appealing for a multitude of applications.

A thin film is traditionally defined as a material layer ranging from few nanometers to several

micrometers in thickness. Due to their width, thin films are often used to coat surfaces or layers

previously deposited. However, recent technological breakthroughs have enabled the development

of freestanding thin layers, extending the application perspectives. Depending on both the target

applications and the deposition technique used, nanostructured films can be designed and developed

by tuning their atomic-molecular 2D and/or 3D aggregation, thickness, crystallinity, and porosity, as

well as their optical, mechanical, catalytic, and conductive properties. The resulting structures can be

exploited in electronic devices, electronic semiconductor devices (superconductive, semiconductive,

magnetic, thermal, and insulating layers), energy storage and conversion (battery, solar, and fuel

cells), optical and protective coating, and functional tools (catalysts, sensors, and biosensors).

This book contains 27 scientific articles covering most of the recent advances in designing and

preparing nanostructured films for target functions and applications, focusing on the improvements

resulting from adjustments of the fabrication processes and the materials employed. The emphasized

advances in thin film growth technologies here reported are noteworthy because they addressing

environmental issues such as the use of eco-friendly materials and procedures, more efficient

adsorption/detection systems, alternative energy applications, and removal of pollutants or

toxic substances.

Paul et al. grew a controlled thin layer of cobaltate, CaxCoO2, using a modified two-stage step

deposition (co-sputtering and thermal annealing). This structured film is promising for harvesingt

energy, thus contributing to environmentally friendly energy systems. The impacts of La2O3

passivation layer thickness on the interfacial and electrical properties of HfO2 insulators and Ge

substrates were investigated by Zhao et al., who provide an effective procedure for preparing

high-quality dielectric/Ge interfaces for metal-insulator-semiconductor (MIS) devices that are more

thermodynamically stable.

The sputtering method has many advantages, including better film growth control, uniformity,

reproducibility, low-temperature deposition, and large-scale stability. The properties of sputtered

ZnO thin films not only depend on the deposition parameters, but also the post-deposition processes

such as thermal treatment. Gandhi et al. described the effects of thermal annealing onto the grain

size and the following phonon confinement, relevant for the future development of high-performance

nanoscale optoelectronic devices. Jin et al. notably improved the visible transmittance of VO2 films

and thermochromic performance via a simple method of Ar/O plasma post-treatment, which led

to effective stoichiometry refinement and microstructure reconstruction in the interfacial area. In

general, Ar/O plasma irradiation serves as an additional energy source that promotes oxidation and

surface migration of VO2 molecular groups prompting micro-structure reconstruction at the VO2

interface. The long-term goal of the authors was energy savings from smart-window optimization,

which is particularly suitable for building glass or plastic substrates that cannot sustain the high

temperatures present in the annealing process.

Despite its high cost and scarcity, platinum is one of the most active electrocatalysts for the

reactions occurring in energy converters, such as the oxygen reduction reaction in proton-exchange

xi



membrane fuel cells. Strategies devoted to reducing the amount of this noble metal but maintaining

its high electroactivity have been based on extended surfaces formation. An ultra-thin and conformal

film of platinum was electrochemically prepared by Haidar et al. through surface-limited redox

replacement based on the monolayer-limited nature of underpotential deposition and using Te as the

sacrificial metal. Farina et al. modulated the morphology of a Pt film by changing the pulse duration

in the high overpotential electrodeposition. Alpuche-Aviles et al. reported that Pt islands, formed

spontaneously on highly oriented pyrolytic graphite during immersion in the electrodeposition

solution, drove the growth of the 2D metal nanostructures.

Different preparation procedures were applied by Lewandowski et al. to clarify the

features of the achieved structures of FeO thin films on Ag(111), revealing interesting tunable

thickness-dependent properties and their relationships with electronic, catalytic, and magnetic

features. Michalak et al. investigated the strong effects of the substrate crystal surfaces. The study of

the growth of FeO and Fe3O4 on two close-packed metal single crystal surfaces (Pt(111) and Ru(0001))

revealed the influence of the mutual orientation of adjacent substrate terraces on the morphology of

iron oxide films epitaxially grown on top of them.

Sometimes for specific applications, nanowire films can exhibit better performance than flat

surfaces. In photovoltaics, solar cells based on CdTe wires exhibited excellent features due to

the advantageous carrier transport properties within the wires. Commonly, the growth processes

necessitate metal catalyst seed particles to facilitate wire growth, but these compounds can reduce

the device quality material. Baines et al. successfully fabricated self-catalyzed CdTe wires in a single

step technique and were free from contaminants using a simple industrially scalable PVD technique.

He et al. proposed a simple approach to prepare a conductive and optically active ink suitable

for optoelectronic devices such as touch screen, solar cells, and organic light-emitting diodes. The

authors prepared an aqueous suspension with SWNTs finely dispersed with rGO and then used a

scalable technique as roll-to-roll printing to get the thin layer.

Li et al. grew hexagonal nanostructured back reflectors based on Ag/ZnO and proposed them

as candidates for low cost and robust devices in silicon thin film solar cells. Kuo et al. proved how

different growth conditions (nanospiral structural arrangement, shape, geometric confinement, and

chemical composition) affect the relationship between the exhibiting circular polarization state and

its corresponding wavelength of light reflection in thin film indium aluminum nitride.

Mendoza-Galvàn et al. produced a birefringent and ordered transparent film of cellulose by

dragging forces acting during dip-coating deposition.

Surfaces and interfaces relationships and interactions with the surroundings were clarified by a

detailed mathematical study by Jin and Li, applied to multilayered ReB2/TaN structures, which is

used as a protective coating.

Constantinou et al. used a combination of plasma enhanced chemical vapor deposition and

physical vapor deposition technologies to form nanocomposite structures with tunable coating

performance by potentially controlling the carbon bonding, hydrogen content, and the type, size,

and percent of metallic nanoparticles, providing new strategies for a broad range of applications with

tunable mechanical, physical, biological, and/or combinatorial properties.

Aerosol-based deposition technology is commonly used to generate a layer of

nano-microparticles. However, the same turbulence that generates aerosol and triboelectrically

charges the microparticles also results in inhomogeneity in the microparticle deposition. Shih et

al. stabilized the turbulence with lengthened aerosol nozzles and masks optimizing flow rates and

xii



pressures improving the deposition homogeneity. An ordered layer composed of an aggregation

of nanoparticles was also achieved by Macagnano et al. via drop-casting onto a thin microfibrous

quartz slice and then incorporated into a standard axial sampler to be used as a potential passive

sampling device for air mercury adsorption. This adsorbent layer, composed of nanoparticle of

titania finely decorated with gold nanoparticles, distributed and anchored onto the quartz fibrous

substrate, was found to be a stable, robust, reusable, and promising candidate for novel air mercury

samplers. Sato et al. found a simple method to fabricate silver-coated monodisperse polystyrene

nanoparticle photonic structures properly embedded into a polydimethylsiloxane matrix, exhibiting

a strong green iridescence. Due to the colorimetric shift when exposed to hazardous solvents, these

layers are expected have a major impact on global safety measures such as innovative photonic

technology for quickly visualizing and identifying the presence of contaminants in the environment.

Thin films are also desirable in packaging. The excellent resistance of a polymer packaging

materials functionalized with SiOx barrier layers by plasma deposition in a vacuum against the

permeation of oxygen and humidity were prepared and studied by Prikryl et al. for protective

garments, resistant against toxic liquids and gases.

The structural and functional properties of polymer nanocomposites are attractive in sensor

investigation. Macagnano et al. designed a multi-component nanofibrous thin film using

a straightforward procedure based on electrospinning technology, blending two insulating

and thermoplastic polymers (polystyrene and polyhydroxybutyrate), a known percentage of

conductive mesoporous graphitized carbon and a free-base tetraphenylporphyrin, for designing

conductive-thermal-driven gas/VOCs sensors. These polymers were selected, among other features,

for their low environmental impact, being recyclable and biodegradable materials. Notably, the

possibility of tuning the sensitivity and selectivity of the chemical sensors by adjusting the working

temperature was emphasized. Electrospinning technology was also used by De Clerk et al. to

fabricate and investigate nanostructured hydrogels by blending polycaprolactone and gelatin; the

several combinations of the materials offer promise for biomedical applications. Using different

technology, Yang et al. proposed a further and simple environmental-friendly strategy to obtain

a polymer network gel of sericin and agarose. When lysozyme was loaded, the gel worked as a

promising tool for wound dressing. Electrospinning was also investigated to fabricate innovative

filtration systems. The demand is huge for the filtration application of nanofiber layers due

to their specific surface, small pore size, and high porosity. Yalcinkaya and Hruza explain the

effect of laminating pressure on polyacrylonitrile and polyvinylidenefluoridemultilayer nanofibrous

membranes for liquid microfiltration.

Chen et al. suggest an innovative and straightforward strategy to develop mesoporous Al2O3

and MgO films (separation and heterogeneous catalysis) on silicon wafer substrates using spin-coated

poly(dimethylacrylamide) hydrogels as porogenic matrices.

Metal–organic frameworks (MOFs) are promising materials for a wide range of applications,

including gas storage, separation, catalysis, and sensing. Careful selection of the inorganic nodes

and organic linkers that form the chemical structure of the material can lead to a variety of highly

tunable pore sizes and chemical functionality. Bowser et al. explored how the morphology and crystal

structure of a specific MOF (HKUST-1: copper(II) ions and benzene-1,3,5-tricarboxylate) known for

its ability to capture and store a wide variety of gases (carbon monoxide, carbon dioxide, nitric

oxide, nitrogen, hydrogen, and sulfur dioxide) responded to ammonia gas exposure in a surface

anchored-MOF, drop-cast, and bulk powdered film, respectively. They proved that the presence

xiii



of solvent traces in the structure (or lack thereof) deeply affected the morphology and then the

functionality.

A facile hydrothermal method to grow NiAl-layered double hydroxide in situ on Mg alloy for

corrosion protection was exploited for the first time by Ye et al. The excellent properties were ascribed

to the peculiar orientation of the nanosheets in the coating.

To conclude, this book reports an overview on the design, synthesis, and applications of

thin films of different natures and nanostructures, highlighting the latest advances as well as the

challenges to be tackled, especially from an environmental standpoint. We hope that it can be useful

and inspiring for a vast audience from academia and industry.

Antonella Macagnano, Fabrizio De Cesare, Sara Cavaliere

Special Issue Editors
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Abstract: The layered cobaltates AxCoO2 (A: alkali metals and alkaline earth metals) are of interest
in the area of energy harvesting and electronic applications, due to their good electronic and
thermoelectric properties. However, their future widespread applicability depends on the simplicity
and cost of the growth technique. Here, we have investigated the sputtering/annealing technique
for the growth of CaxCoO2 (x = 0.33) thin films. In this approach, CaO–CoO film is first deposited
by rf-magnetron reactive cosputtering from metallic targets of Ca and Co. Second, the as-deposited
film is reactively annealed under O2 gas flow to form the final phase of CaxCoO2. The advantage
of the present technique is that, unlike conventional sputtering from oxide targets, the sputtering
is done from the metallic targets of Ca and Co; thus, the deposition rate is high. Furthermore, the
composition of the film is controllable by controlling the power at the targets.

Keywords: thin film; nanostructure; CaxCoO2; sputtering; phase transformation

1. Introduction

Thermoelectricity, through its ability to harvest energy from waste heat, can contribute to
environmentally friendly energy systems. The thermoelectric efficiency of a material system is
determined by a dimensionless parameter, the thermoelectric figure of merit, ZT = S2/ρκ, where S is
the Seebeck coefficient, ρ is the electrical resistivity, and κ is the thermal conductivity. Therefore, good
thermoelectric materials have a high Seebeck coefficient (for high output voltage from a thermoelectric
device for a fixed temperature gradient), low electrical resistivity (to reduce energy loss due to Joule
heating), and low thermal conductivity (to sustain a high temperature gradient across thermoelectric
device for high output voltage) [1,2]. However, the design of such materials is challenging, because
electrically conductive materials are generally also thermally conductive.

For the reduction of thermal conductivity without disturbing electronic transport, different
nanostructuring approaches have been investigated [3–9]. In these approaches, different types of
nanoscale features have been incorporated. The nanoscale dimension of these features is comparable to
the length scale of phonon mean free path, but is higher than electronic mean free path. Therefore, they
can selectively scatter phonons without adversely affecting the electronic transport. Thus, ZT can be
enhanced. Inherently nanolaminated materials [10,11] and artificially layered materials [12–14] have
been investigated to exploit these concepts. The interfacial phonon scattering in these materials systems
is reported to drastically reduce their thermal conductivity, leading to the multifold enhancement
of ZT [12,13]. The disadvantage of such artificially grown superlattice materials is that they are not
thermodynamically stable structures, reducing their stability at high temperature [15]. A related
approach is the use of inherently layered materials, e.g., AxCoO2 (A = Na, Ca, Sr, Ba, La Pr, Nd) [16–22].

Nanomaterials 2019, 9, 443; doi:10.3390/nano9030443 www.mdpi.com/journal/nanomaterials1
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Such layered materials have a layered structure similar to a superlattice structure and can sustain
high temperatures.

The layered cobaltates AxCoO2 consist of alternate stacks of Ax sheets and CdI2-type CoO2

sheets. Due to the inherently layered structure, AxCoO2 exhibits anisotropic electronic and phononic
properties. Among the layered cobaltates, NaxCoO2 (x~0.7) is reported to have the highest power
factor, as high as the standard thermoelectric material Bi2Te3, due to its low electrical resistivity (ρ
= 0.2 mΩ·cm at 300 K) and high Seebeck coefficient (100 μV K−1 at 300 K) [23]. Even with this high
power factor, NaxCoO2 cannot offer reliable performance, due to its poor chemical stability, because
the mobile Na+ ions tend to be ejected from the material at high temperatures. To achieve stable
performance from this material system, the monovalent Na+ ions should be replaced with divalent
Ca2+ ions, for example by ion exchange method, producing CaxCoO2 (0.26 ≤ x ≤ 0.5) thin films [24,25].
The same technique has been reported to be useful to grow a series of layered materials AxCoO2 (A =
Na, Ca, Sr, Ba, La Pr, Nd) [16–22]. Apart from this ion exchange method, physical [26–29] methods
have also been investigated to grow CaxCoO2 thin films.

Here, we have investigated the sputtering/annealing method for the growth of CaxCoO2 thin
films. In this method, first CaO–CoO thin film is deposited by rf-magnetron reactive cosputtering and
then is annealed to form the final phase of CaxCoO2. In our previous work, we have demonstrated
the growth of Ca3Co4O9 by the sputtering/annealing approach [30–32]. The thermally induced phase
transformation leading to the final phase of Ca3Co4O9 was found to consist of the following steps:

CoO + O2 ⇒ Co3O4 (1)

Co3O4 + CaO ⇒ CaxCoO2 (2)

CaxCoO2 + CaO ⇒ Ca3Co4O9 (3)

Here, we determine how to stop the phase transformation at second step so that final film of
CaxCoO2 is obtained. CaxCoO2 thin films can be promising for near room temperature thermoelectric
applications, due to its higher power factor (S2/ρ) as compared to Ca3Co4O9 [33].

2. Materials and Methods

Three sets of samples with different Ca:Co ratio (0.25, 0.35, 0.45) were prepared. Prior to deposition,
Al2O3 (001) substrates were heated to 650 ◦C for 1 h under vacuum inside the deposition system,
and the same substrate temperature was maintained during deposition. Then, CaO–CoO films were
reactively cosputtered from metallic targets of Ca (99.95 % pure) and Co (99.99 % pure) onto the
Al2O3 (001) substrates by rf-magnetron sputtering at 0.27 Pa (2 mTorr) in an oxygen (1.5%)–argon
(98.5%) mixture. The deposition system is described elsewhere [34,35]. The power of the cobalt target
(50 W) was kept constant, while the power of Ca target was varied to vary the Ca:Co ratio in the
films. As-deposited CaO–CoO films were annealed at 650 ◦C under O2 gas flow for 3 h to form
the final phase of CaxCoO2. The crystal structure and morphology of the films were characterized
by θ–2θ XRD analyses using monochromatic Cu Kα radiation (λ = 1.5406 Å), transmission electron
microscopy (TEM) by using a FEI Tecnai G2 TF20 UT instrument, from Eindhoven, Netherlands,
with a field emission gun operated at 200 kV and with a point resolution of 1.9 Å, and scanning
electron microscopy (SEM, LEO 1550 Gemini). The θ–2θ XRD scans were performed with a Philips PW
1820 diffractometer. Ex situ annealing and XRD experiments were performed on a single CaO–CoO
thin film with Ca:Co = 0.35. The Ca:Co = 0.35 film was subjected to several sequential annealing steps
and θ–2θ XRD scans were performed after each annealing step. The annealing furnace was stabilized
at a given set-point temperature prior to inserting the sample for a specified time period. The sample
temperature was monitored as a function of time via a thermocouple in contact with the film substrate.
The sample was removed from the furnace after the specified annealing time and cooled in ambient
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air at room temperature. The Ca:Co ratio in the films is confirmed by energy dispersive spectroscopy
(EDS) attached to a scanning electron microscope.

3. Results and Discussion

3.1. As-Deposited CaO–CoO and Annealed Ca–Co–O Films

The as-deposited films are yellowish in color and turn dark after annealing in oxygen atmosphere
(Figure 1). Figure 2a shows a θ–2θ XRD scan for the as-deposited Ca:Co = 0.35 film. XRD scans of all the
as-deposited films are similar in appearance (shown in Figure S1 of Supplementary Information), albeit
with varying CaO:CoO peak intensity ratios. It is evident from the XRD analyses that as deposited film
consists of CaO and CoO phases. Figure 2b–d show the XRD patterns of all the annealed films. These
XRD patterns confirm the formation of CaxCoO2 phase in all the films and d-spacing is calculated
to be 5.434 Å irrespective of the Ca to Co ratio in the films, which nearly matches the value reported
elsewhere [24]. Apart from the CaxCoO2 phase, the XRD peaks of Co3O4 are also visible in all the films
irrespective of the Ca to Co ratio. The presence of Co3O4 phase in the film Ca:Co = 0.25 is attributed to
the excess Co in the film. The presence of Co3O4 phase in the post-annealed films Ca:Co = 0.35 and
0.45 is attributed to the inhomogeneous distribution of CaO and CoO, which is also confirmed by TEM
analyses of as-deposited films (see below). The small peaks at 2θ angles 8.249 and 26.527◦ in Figure 2d
are attributed to the Ca3Co4O9 phase, which might be due to the local enrichment of the film with the
CaO phase.

 
Figure 1. Optical image of as-deposited CaO–CoO film and annealed CaxCoO2 film.

 
Figure 2. θ–2θ XRD patterns of (a) as-deposited CaO–CoO film and annealed films with (b) Ca:Co =
0.25, (c) Ca:Co = 0.35, (d) Ca:Co = 0.45.
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Figure 3 shows SEM images of postannealed film Ca:Co = 0.35. The apparent flat surface of the
film is attributed to the c-axis orientation of the film, which is also consistent with the observation
by XRD.

 

Figure 3. A typical SEM image of the annealed film Ca:Co = 0.35.

Figure 4a shows a typical cross-sectional TEM image of as-deposited film Ca:Co = 0.35. Figure 4b
and c show the EDS mapping of the film. The EDS mapping shows the separation into Co-rich and
Ca-rich phases, i.e., CoO and CaO. This observation is in consistent with the observation by XRD, i.e.,
the presence of CaO and CoO phases in as-deposited films. Figure 4b indicates the Ca-deficiency near
the interfacial region. This is caused by the segregation of Ca near the surface of the as-deposited films,
due to the substrate heating during sputter deposition, consistent with our pervious observation on
the growth of Ca3Co4O9 thin films [30]. The inhomogeneous distribution of CaO and CoO phases
along the in-plane direction is also confirmed by the line scan as shown in Figure 4d.

 

Figure 4. (a) TEM image of as-deposited CaO–CoO film, (b,c) EDS mapping of the corresponding film,
(d) line scan along in-plane direction of the film; green line represents Co and red line Ca.

Figure 5a shows a TEM image of annealed film Ca:Co = 0.35. The formation of a layered structure
is evident from the figure, and there are also grains with nonbasal orientation. The Ca to Co ratio
in the layered zone is determined to be ~0.33 by EDS analyses (in TEM), which indicates that the
postannealed film Ca:Co = 0.35 is of Ca0.33CoO2 phase. From EDS analyses, all the postannealed films
are found to consist of the same Ca0.33CoO2 phase irrespective of the Ca:Co ratio in the as-deposited
films, which is consistent with the observation by XRD. Figure 5b shows a high resolution TEM
(HRTEM) image of the film and d-spacing of the film is confirmed to be 5.43 Å, which is consistent with
the value calculated from XRD. Figure 5c schematically shows the atomic arrangements of alternate
layers of Ca0.33CoO2.
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Figure 5. (a) TEM image of Ca0.33CoO2 film, (b) Lattice-resolved TEM image and (c) schematic of the
atomic arrangement of the layers.

From the above results, it is concluded that Ca0.33CoO2 is the favorable composition of CaxCoO2

at the present conditions. The phase-purity is likely to improve the Ca0.33CoO2 film by controlling the
composition and ensuring the homogeneous distribution of CaO and CoO phases in the as-deposited
CaO–CoO films. It is anticipated that homogeneous distribution of CaO and CoO in as-deposited films
can be possible by lowering the deposition temperature.

3.2. Ex-Situ XRD Annealing Experiments

Figure 6a shows the θ–2θ XRD scan for the as-deposited film Ca:Co = 0.35. Figure 6b,c show θ–2θ
scans after the film was subjected to annealing temperatures 500 ◦C and 650 ◦C, respectively. After
annealing at 500 ◦C (Figure 6b), the appearance of Co3O4 peaks with a concomitant decrease in the
peak intensity of CoO indicates the reaction of CoO with oxygen to form Co3O4. The Co3O4 has also
reacted with CaO to form the Ca0.33CoO2-phase, as confirmed by the presence of the CaxCoO2 001,
002, 003 and 004 peaks. These results indicate a competition between the formation and consumption
of Co3O4. After annealing at 650 ◦C (Figure 6c) the Ca0.33CoO2 phase becomes more intense and
CoO phase has disappeared. However, the low-intensity peaks of Co3O4 still remain. To verify the
completion of the phase transformation, the annealing experiment was performed at 650 ◦C for a
longer period (10 h), with no change in XRD peak intensity.

From the above results, it is concluded that two different phase transformation processes (i.e.,
CoO + O2 ⇒ Co3O4; and Co3O4 + CaO ⇒ Ca0.33CoO2) simultaneously occur at temperatures below
650 ◦C. At 650 ◦C, the CaO phase is completely consumed by the reaction to form the final phase
of Ca0.33CoO2, and thus the phase transformation processes end. The partial presence of Co3O4 is
attributed to the local enrichment of Co in the film, due to the inhomogeneous distribution of CaO and
CoO phases in the film.

5



Nanomaterials 2019, 9, 443

 
Figure 6. θ–2θ XRD patterns of the Ca:Co = 0.35 thin film as a function of annealing temperature. (a)
As-deposited film, (b) annealed at 500 ◦C, (c) annealed at 650 ◦C.

4. Conclusions

A two-step sputtering/annealing approach has been demonstrated for the growth of CaxCoO2

(x = 0.33) thin film. Thermally induced phase transformation from reactively cosputtered CaO–CoO
film leads to the formation of the final phase of CaxCoO2. The phase transformation consists of the
following steps:

CoO + O2 ⇒ Co3O4 (4)

Co3O4 + CaO ⇒ CaxCoO2 (5)

The composition of CaxCoO2 is Ca0.33CoO2 phase irrespective of the Ca:Co ratio in the
as-deposited film, i.e., the Ca0.33CoO2 is the most favorable phase in this route of thermally induced
solid state phase transformation. The final film of Ca0.33CoO2 is not phase pure, due to the partial
presence of Co3O4 phase in the film. The Co3O4 content in the postannealed films decreases with the
increase in Ca-content in the as-deposited films. The partial presence of Co3O4 phase in the Ca-rich
films Ca:Co = 0.35 and 0.45 is attributed to the local enrichment of CoO phase in the as-deposited films.
It is expected that the phase pure Ca0.33CoO2 can be grown by ensuring a homogeneous distribution
of CoO and CaO phases in the initial sputtered deposited films.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/3/443/s1,
Figure S1: θ –2θ XRD patterns of as-deposited CaO–CoO film (a) Ca:Co = 0.25, (b) Ca:Co = 0.35, (c) Ca:Co = 0.45.
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Abstract: Effects of the La2O3 passivation layer thickness on the interfacial properties of high-k/Ge
interface are investigated systematically. In a very thin range (0~15 cycles), the increase of La2O3

passivation layer deposition cycles improves the surface smoothness of HfO2/Ge structures. The
capacitance-voltage (C-V) characteristics show that the thickness of La2O3 passivation layer can affect
the shift of flat band voltage (VFB), hysteretic behaviors, and the shapes of the dual-swept C-V curves.
Moreover, significant improvements in the gate leakage current and breakdown characteristics are
also achieved with the increase of La2O3 interlayer thickness.

Keywords: Ge surface engineering; La2O3 passivation layer; atomic layer deposition;
electrical properties

1. Introduction

Along with the continuing scaling of complementary metal oxide semiconductor (CMOS)
technology according to Moore’s Law, insulation oxides with higher permittivity have been introduced
to replace SiO2 for acceptable gate leakage current density and low power consumption [1]. However,
other than reducing feature size, technological progress to gain high-speed operation is also needed with
the development of integrated circuit (IC) technology. Considering this, high mobility semiconductors
have been considered as alternative channel materials for obtaining high drive current. Among the high
mobility semiconductors, germanium (Ge) is compatible with standard Si CMOS process, and both
the electron and hole bulk mobility are higher than those of Si substrate [2,3]. Therefore, Ge has been
regarded as one of the most promising alternative channel materials. Unfortunately, different from the
perfect interfacial properties of SiO2/Si interface, the poor thermal stability of GeO2/Ge interface results
in the deterioration of interfacial properties to a great extent [4]. When most gate dielectric materials
deposited on the unpassivated Ge substrate, the generation of unstable Ge oxides is unavoidable
during the high temperature post-deposition annealing (PDA) process, and the decomposition or
desorption from GeO2 to volatile GeO would bring in a great deal of defects. Consequently, to get
acceptable electrical properties of high-k/Ge structures, a suitable surface passivation treatment is a
necessary technical issue prior to the deposition of high-k gate dielectrics on Ge substrates [5].

Owing to the much better thermodynamic stability than that of GeO2/Ge, fewer interface traps
exist at the interface between La-based oxides and Ge substrates [6]. Consequently, La-based oxides
have been considered as one kind of the alternative gate dielectric materials deposited on Ge to realize
good electrical performance of Ge-based metal-insulator-semiconductor (MIS) devices [7,8]. However,
the hygroscopicity of La2O3 layer limits its application as gate insulators [9]. In a previous study,
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we have proved that a ~2 nm La2O3 interlayer could effectively improve the electrical performance of
Ge MIS devices, resulting in more than one order of magnitude decrease in the gate leakage current
density [10]. In this work, a further investigation was performed on the impacts of La2O3 passivation
layer thickness on the interfacial properties of HfO2 insulators and Ge substrates.

2. Materials and Methods

La2O3 and HfO2 were deposited on Sb-doped n-type Ge (100) wafers with a doping concentration
of 1 × 1016 cm−3 by atomic layer deposition (ALD) method (R-150, Picosun, Espoo, Finland). Prior
to the deposition, all the wafers were treated using acetone and alcohol, followed by dipping into
HF (2%) and deionized water by cyclic cleaning for 5 times to remove the defective native Ge oxide.
Tris(isopropyl-cyclopentadienyl) lanthanum (La(i-PrCp)3) and tetrakis (ethylmethylamino) hafnium
(TEMAH) were used as La and Hf precursor, while H2O was used as oxidant with reference to the
reported literatures [11,12]. Under the chamber temperature of 300 ◦C, La2O3 layers were deposited
by alternately introducing La(i-PrCp)3 and H2O precursors to the reactor chamber using high purity
N2 (>99.999%) as the carrier gas with a typical ALD growth cycle of 0.3 s La(i-PrCp)3 pulse/4 s N2

purge/0.3 s H2O pulse/9 s N2 purge. Using these process parameters, the steady-state growth rate of
La2O3 was approximately 0.85 Å/cycle. For an ALD growth cycle of HfO2, TEMAH was pulsed into
the chamber by carrier gas for 0.3 s with a 8 s N2 purge, and then H2O was pulsed for 0.1 s followed by
a 8 s N2 purge. As a result, a stable growth rate of 0.75 Å/cycle was obtained for HfO2. The thickness
of the La2O3 passivation layer was tuned by varying the number of ALD cycles, and the cycle numbers
of 5, 10, and 15 cycles were chosen. Then ~6 nm HfO2 was deposited as the gate insulator materials
after the deposition of La2O3 passivation layer. For comparison, the sample with only ~6 nm HfO2

as the gate oxide was also fabricated as a control sample. After the deposition of gate insulators,
rapid thermal annealing (RTA) was carried out at 400 ◦C for 90 s in N2 ambient for all the wafers. For
simplicity, the control sample is assigned as S1, and samples with 5, 10, and 15 ALD cycles of La2O3

passivation layers are assigned as S2, S3, and S4, respectively.
The physical thickness of the deposited films was optically measured using the Woollam M2000U

spectroscopic ellipsometry (SE, Woollam Co. Inc., Lincoln, NE, USA), and the ellipsometry data
were fitted using a Gen-Osc mode consisting of Gaussian and Tauc-Lorentz oscillators. The chemical
bonding states of the interfaces between the deposited films and Ge substrates were examined by
X-ray photoelectron spectroscopy (XPS, Axis Ultra DLD, Kratos Analytical, UK) measurements.
Cross-sectional high-resolution transmission electron microscopy (HRTEM, TECNAI F20 system,
ThermoFisher Scientific, Waltham, MA, USA) and energy dispersive X-ray spectroscopy (EDX) line
scan measurements were performed to observe the microstructures and atomic compositions of the
deposited films. The surface morphology of the films was monitored using atomic force microscopy
(AFM, Dimension 3100, Veeco Digital Instruments by Bruker, Billerica, MA, USA) in tapping mode. The
electrical properties of the HfO2/La2O3 gate stacks were evaluated using MIS capacitor structures. MIS
capacitors were fabricated by ion-beam etching (IBE, IBE-A-150, Beijing Chuangshi Weina Technology
Co., Ltd., Beijing, China) of e-beam evaporated 150 nm Al through a shadow mask with a diameter
of 300 μm as the top gate electrode and 100 nm Al as the back ohmic contact. Then, the electrical
properties of the fabricated MIS capacitors were measured using an Agilent B1500A parameter analyzer
(Santa Clara, CA, USA).

3. Results and Discussion

3.1. Chemical Bonding States of the Interfaces between the Deposited Films and Ge Substrates

The chemical bonding states near the interface of HfO2 and HfO2/La2O3 gate stacks deposited on
Ge substrate were investigated by XPS measurements. Prior to the measurements, the wafers S1~S4
were etched by Ar+ ion beam bombardment for 25 s, 30 s, 30 s, and 35 s, respectively, under the etch rate
of ~0.20 nm/s to remove the influence of the surface impurities and to analyze the chemical bonding
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states in the interfacial region. The XPS data were calibrated by setting the C 1s peak originated
from the carbon impurities in the spectra at 284.6 eV for all the wafers. Figure 1 shows the variations
of the O 1s XPS spectra for the HfO2 film and HfO2/La2O3 gate stacks deposited on Ge substrates.
For the control sample (S1), the O 1s spectra consist of three Gaussian–Lorentzian line shape peaks.
These peaks are located at 530.2, 531.0, and 531.9 eV, corresponding to the chemical bonding states
of Hf–O–Hf, Hf–O–Ge, and Ge–O–Ge, respectively [13,14]. The existence of Hf–O–Ge and Ge–O–Ge
peaks indicate that HfGeOx and GeOx were generated at the HfO2/Ge interface during the deposition
of HfO2 and post-deposition annealing (PDA) process. As for the HfO2/La2O3/Ge structures, the
O 1s core level spectra are deconvoluted into four peaks, three of which are at 529.0 (I), 530.2 (II),
and 531.9 (IV) eV. These peaks correspond to the chemical bonds of La–O–La, Hf–O–Hf, and Ge–O–Ge,
respectively [15]. The other peak (III) at around 530.9 eV originates from the Hf–O–Ge and/or La–O–Ge
bonding states, indicating the generation of germanate (LaGeOx and HfGeOx) compound at the
interface of HfO2/La2O3 gate stacks and Ge substrates. It is worth noting that the position of peak
(III) shifts to lower binding energies from sample S1 to S4. This phenomenon is attributed to the
transformation from Hf-rich to La-rich interfacial layer (IL) with the increase of La2O3 passivation
layer thickness, owing to the stronger reaction between La2O3 and outdiffused Ge atoms than that of
HfO2 with outdiffused Ge atoms [16,17].

 
Figure 1. O 1s XPS spectra of HfO2 film and HfO2/La2O3 gate stacks deposited on Ge substrates.

To further discuss the variation tendency of Ge oxides at high k dielectrics/Ge interfaces with
the increase of La2O3 passivation layer thickness, investigations on the Ge 3d XPS spectra are shown
in Figure 2. A substrate peak (Ge 3d0) located at ~28.6 eV with additional peaks at higher binding
energies in relation to the IL (consisting of Ge oxides and germanate) could be observed in all spectra.
The Ge 3d0 substrate peak is fitted with a doublet of Ge 3d5/2 and Ge 3d3/2 with spin-orbit splitting of
0.6 eV and intensity ratio of 3:2, respectively [18]. The Ge oxides (GeOx) consist of four peaks (Ge1+,
Ge2+, Ge3+, Ge4+), which are at higher binding energy respect to the Ge 3d0 with energy shifts of
0.8, 1.8, 2.6, and 3.4 eV, respectively [19]. Compared with the control sample shown in Figure 2a,
the intensity of the Ge2+(GeO) peak decreases with the increase of La2O3 passivation layer thickness,
while the intensity of the LaGeOx peak shows an increasing trend. Consequently, with the increase of
La2O3 passivation layer thickness, the variation tendency of the interfacial components extracted from
the Ge 3d XPS spectra is consistent with the results extracted from the O 1s XPS spectra.
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Figure 2. Ge 3d XPS spectra of the deposited gate stacks with different ALD cycles of La2O3 passivation
layer on Ge substrates. (a) The control sample; (b) 5 ALD cycles of La2O3 passivation layer; (c) 10 ALD
cycles of La2O3 passivation layer; and (d) 15 ALD cycles of La2O3 passivation layer.

3.2. Microstructures of the Deposited Films on Ge Substrates

Additional microstructure information of the deposited films is provided by cross-sectional
HRTEM analysis as shown in Figure 3. For the control sample without La2O3 passivation layer,
the HfO2 layer exhibits an amorphous structure as no nanometer-sized crystal or long-range ordered
crystal region is observed. However, in sample S4 with 15 ALD cycles of La2O3 passivation layer
(as shown in Figure 3b), nanometer-sized crystals could be observed in the HfO2 layer, indicating the
incomplete crystallization state of the HfO2 film. It is noteworthy that upon the same RTA condition
at 400 ◦C for 90 s in N2 ambient, the HfO2 films in sample S1 and S4 show different crystalline
characteristics. This difference could be attributed to the RTA-induced Ge diffusion from the substrate
into the HfO2 layer as shown in the EDX profiles near the interfaces between the deposited films and
Ge substrates (Figure 4). The EDX data were dealt with normalization method after eliminating the
influence of impurity elements, and the depth values were calibrated by HRTEM results. During the
RTA process, in sample S1 as shown in Figure 4a, the substrate Ge atoms would diffuse easily to the
upper HfO2 layer and react with the oxygen nearby the HfO2/Ge interface, which would prevent the
formation of crystalline HfO2 precipitates [20] and cause the formation of IL (~0.8 nm) consisting
of HfGeOx and GeOx, as analyzed in the above XPS results. As for the HfO2/La2O3/Ge structure in
sample S4 (Figure 4b), due to the high affinity of La2O3 for Ge atoms [21], the out-diffused Ge atoms
would react with La2O3 passivation layer, leading to the spontaneous formation of stable LaGeOx

IL. As a result, few Ge atoms would diffuse into the HfO2 layer, and the crystallization phenomenon
occurs after the RTA treatment.
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Figure 3. Cross-sectional HRTEM images showing the interfaces with Ge substrates for (a) the control
sample; (b) sample S4 with 15 ALD cycles of La2O3 passivation layer.

Figure 4. EDX profiles near the interfaces between the deposited films and Ge substrates. (a) the control
sample; (b) sample S4 with 15 ALD cycles of La2O3 passivation layer.

3.3. Surface Morphology of HfO2 and HfO2/La2O3 Gate Stacks on Ge Substrates

The AFM images of HfO2/La2O3 gate stacks on Ge substrates with 0, 5, 10, and 15 ALD cycles
of La2O3 interfacial passivation layer are shown in Figure 5. The scan size of each AFM image was
set as 10 × 10 μm2. The AFM images were captured from the AFM data by the software named
Gwyddion. The root mean square (RMS) roughness of samples S1~S4 is extracted to be 0.63, 0.51,
0.28, and 0.25 nm, respectively. The small RMS roughness values of all the samples illustrate the
smooth and crack-free surfaces of the deposited HfO2/La2O3 gate stacks, indicating that ALD is a
good deposition method for high-k dielectric films and stacks. On the basis of the smooth surfaces,
a decrease in the RMS roughness values is observed after inserting a La2O3 interfacial passivation
layer, and the RMS roughness values decrease with the increase of La2O3 layer thickness. It has been
reported that the outdiffused Ge atoms from substrates and the desorption of volatile species GeO
during the high temperature annealing process could bring in large roughness [22]. After inserting
La2O3 interfacial passivation layer, the stable LaGeOx layer could suppress the formation of unstable
GeOx layer, which contributes to the decrease of the RMS roughness value. With the increase of La2O3

thickness, more La2O3 reacts with the outdiffused Ge atoms and unstable Ge oxides, which effectively
suppresses desorption from GeO2 to volatile GeO, resulting in a smoother surface. It is found that
when the thickness of La2O3 layer increase above 15 cycles, the variation in the RMS roughness values
becomes negligible. The variation tendency of RMS roughness illustrates that 15 ALD cycles of La2O3

layer are thick enough to improve the surface smoothness for HfO2/Ge structures.
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Figure 5. Three-dimensional AFM images of the deposited gate stacks with different ALD cycles of
La2O3 passivation layer on Ge substrates. (a) The control sample; (b) 5 ALD cycles of La2O3 passivation
layer; (c) 10 ALD cycles of La2O3 passivation layer; and (d) 15 ALD cycles of La2O3 passivation layer.

3.4. Electrical Performance of Al/HfO2/Ge and Al/HfO2/La2O3/Ge MIS Capacitors

The capacitance-voltage (C-V) and conductance-voltage (G-V) characteristics of the fabricated
Al/HfO2/n-Ge and Al/HfO2/La2O3/n-Ge MIS capacitors are shown in Figure 6. Dual-swept C-V curves
were obtained by sweeping from inversion to accumulation (forward) and sweeping back (backward)
at the frequency of 100 kHz. G-V curves were obtained simultaneously with the C-V curves measured
forward. To quantitatively characterize the effects of La2O3 passivation layer thickness on electrical
performance of HfO2/Ge MOS structures, some parameters are extracted from the dual-swept C-V
curves. The accumulation capacitance (Cac) values for gate stacks S1~S4 are obtained to be 1.35, 1.48,
1.69, and 1.87 μF/cm2, respectively. Then, the oxide capacitance (Cox) and dielectric constant values of
gate stacks could be calculated following the equations [23,24]:

Cox = Cac[1 + (
Gac

ωCac
)

2
] (1)

CET =
ε0εSiO2A

Cox
(2)

k =
εSiO2 tox

CET
(3)

where Cac is the capacitance value at accumulation region, Gac is the conductance corresponding to the
accumulation region of the C-V curves, ω is the angular frequency, Cox is the oxide capacitance of gate
stacks, A is the area of the top electrode, CET is the capacitance equivalent thickness of deposited gate
stacks (including IL), tox is the measured thickness of deposited gate stacks (including IL), ε0 and εSiO2

are the permittivity values of vacuum and SiO2, respectively. The physical thickness of gate stacks
(including IL) in S1, S2, S3, and S4 is optically measured to be 6.71, 7.89, 8.26, and 8.95 nm, respectively.
The corresponding 95% confidence interval for the average thickness of the deposited films was shown
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in Table S1 in the Supplementary Materials to evaluate the discrete degree of thickness testing data.
Therefore, according to Equations (1)–(3), the effective k values of S1~S4 are achieved to be 10.69,
13.43, 15.97, and 18.46, respectively. It is found that the dielectric constant value of HfO2/La2O3 gate
stacks increases with the increase of La2O3 layer thickness. The improvement on the value of dielectric
constant for the gate stacks is attributed to the effective suppression of Ge atoms outdiffusion benefiting
from the generation of stable LaGeOx, since the k value of La2O3 is much higher than that of GeOx [25].
In addition, as analyzed in the EDX profiles, the HfO2 quality is improved by La2O3 passivation, which
should be the other cause that increases the dielectric constant of the deposited films.

μ
μ

μ
μ

Figure 6. C-V curves and G-V characteristics of the fabricated Al/HfO2/La2O3/Ge MIS capacitors
with different ALD cycles of La2O3 passivation layer. (a) The control sample; (b) 5 ALD cycles of
La2O3 passivation layer; (c) 10 ALD cycles of La2O3 passivation layer; and (d) 15 ALD cycles of La2O3

passivation layer. The curves were measured at the frequency of 100 kHz.

Moreover, as shown in Figure 6, varying degrees of anomalous humps in the weak inversion
region of C-V curves could be observed. Compared with the control sample (Figure 6a), the anomalous
hump phenomenon turns more serious after inserting 5 ALD cycles of La2O3 passivation layer. While
with the further increase of La2O3 passivation layer thickness, the humps of C-V curves are obviously
reduced. Besides, as the thickness of La2O3 passivation layer increases, different degrees of frequency
dispersion phenomenon at the weak inversion regions could be observed from the multi-frequency
C-V curves in Figure 7, and the degrees of frequency dispersion phenomenon show a similar variation
tendency with the anomalous humps in the C-V curves measured at 100 kHz. It has been reported that
the existence of slow interface traps (Qit) should be responsible for the anomalous phenomenon at
the weak inversion regions of C-V curves [26,27]. Considering this, the interface state density (Dit)
values of S1~S4 are discussed using the following relation of single-frequency approximation method
through the forward swept C-V and G-V curves [28]:

Dit =
2

qA

Gmax
ω[(

Gmax
ωCox

)2
+
(
1− Cmax

Cox

)2] (4)
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where q is the elementary charge (1.602 × 10−19 C), A is the area of the top electrode, Cox is the gate
oxide capacitance as defined in Equation (1), Gmax is the peak value of G-V curve, and Cmax is the
capacitance corresponding to Gmax at the same gate applied voltage. Following Equation (4), the Dit

values for the fabricated MIS capacitors using S1~S4 as insulators are calculated to be 9.18 × 1012,
9.72 × 1012, 3.95 × 1012, and 2.71 × 1012 eV−1cm−2, respectively. The Dit value increases slightly after
inserting 5 ALD cycles of La2O3 passivation layer, which is in consistent with the variation tendency of
the humps in C-V curves. The increment of Dit is reported to be caused by an incomplete reaction of
the precursor molecules during the first few ALD cycles [29], which brings in extra interface states
at the interface. As the ALD cycles of La2O3 passivation layer increase, the improvement of the
La2O3 passivation layer on the interfacial properties of gate insulators/Ge interfaces plays a more
and more important role, contributing to the decrease of interface traps for the samples S3 and S4.
For accuracy, the Dit values were also extracted using conductance method [30] measured from 1 kHz
to 1 MHz, as shown in Figure 8. It could be observed that for each energy state, the Dit value extracted
by conductance method increases slightly after inserting 5 ALD cycles of La2O3 passivation layer,
while with the further increase of La2O3 passivation layer thickness, the Dit value shows decrease
trend. This result is in good consistency with the single-frequency approximation method result. The
contribution of the La2O3 interfacial passivation layer to the amount of interface traps at the La2O3/Ge
interface could be explained as follows: during the ALD process of La(i-PrCp)3 and H2O precursors
and the high temperature PDA process, La2O3 is more likely to react with outdiffused Ge atoms and
Ge oxides nearby the interface to form stable LaGeOx compound. The stable LaGeOx compound
could effectively suppress Ge outdiffusion, and further inhibit the decomposition or desorption from
GeO2 to volatile GeO (following the reaction equation of GeO2 + Ge→ 2GeO), contributing to the
reduction of structural defects and dangling bonds [31,32]. The Dit value (2.71 × 1012 eV−1cm−2) of
sample S4 achieved in our work is comparable with the results obtained in the reported literatures at
La2O3/Ge interfaces of 3 × 1012 [8] and 3.5 × 1012 eV−1cm−2 [25], indicating that a La2O3 passivation
layer with 15 ALD cycles (~1.3 nm) can effectively suppress the generation of interface states at high k
dielectrics/Ge interfaces.

μ
μ

 

Figure 7. Multi-frequency C-V characteristics measured of the fabricated Al/HfO2/La2O3/Ge MIS
capacitors with different ALD cycles of La2O3 passivation layer. (a) The control sample; (b) 5 ALD
cycles of La2O3 passivation layer; (c) 10 ALD cycles of La2O3 passivation layer; and (d) 15 ALD cycles
of La2O3 passivation layer.
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μ
μ

 
Figure 8. Energy distribution of the interface states at the interface between the deposited films and
Ge substrates.

It is also observed from the C-V curves that the flat band voltages (VFB) translate toward positive
voltages with the increase of La2O3 passivation layer deposition cycles. To further investigate this
phenomenon in detail, the VFB values of the capacitors were extracted using the Hauser NCSU CVC
simulation software taking into account of quantum-mechanical effects [33]. Considering the work
function difference between the top electrode aluminum and the n-type Ge substrate with a doping
concentration of 1 × 1016 cm−3, the ideal VFB should be 0.03 V. However, the actual VFB swept forward
for the control sample is −0.206 V. The negative VFB shift indicates the existence of effective positive
oxide charges in the HfO2 film. The effective positive oxide charges may be attributed to the existence
of positive fixed oxide charges and oxide trapped charges mainly consisting of oxygen vacancies
and structural defects in the gate insulators and/or nearby the insulators/Ge interface. Compared
with the control sample, the forward swept VFB values of MIS capacitors S2~S4 were extracted to
be −0.083, −0.071, and −0.048 V, separately. The positive shifts of VFB with the increase of La2O3

passivation layer thickness reveal the reduction of oxide charges after the Ge surface passivation
treatment using La2O3 as the passivation layer. Considering this, the trapped charge density (Not)
is estimated using the midgap charge separation method through the C-V hysteresis characteristics
following the Equation (5) [34]:

Not =
ΔVFBCox

qA
(5)

where ΔVFB is the hysteresis width of VFB, Cox is the oxide capacitance, q is the elementary charge
(1.602 × 10−19 C), and A is the area of the electrode. For the control sample, using the exacted ΔVFB

value of 685 mV, a trapped oxide charge density of 6.03× 1012 cm−2 is obtained according to Equation (5).
After the insertion of La2O3 passivation layer, the trapped oxide charge densities of samples S2, S3 and
S4 are calculated to be 4.74 × 1012, 2.87 × 1012, and 1.79 × 1012 cm−2, respectively. These parameter
results concerning the electrical properties are summarized in Table 1. As suspected, the trapped
oxide charge density reduces with the increase of La2O3 thickness. We ascribe the decrease of trapped
charges to the reduction of oxygen vacancies and structural defects in the gate stack region nearby the
interface. At the HfO2/Ge interface, the outdiffused Ge atoms will react with GeO2 to form unstable
GeO, which could bring in a large number of oxygen vacancies and structural defects. The LaGeOx

compound formed by La2O3 and Ge could effectively suppress the outdiffusion of Ge atoms and the
desorption of volatile GeO, contributing to the reduction of Not values.
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Table 1. The electrical parameters extracted from the fabricated MIS capacitors without and with La2O3

interfacial passivation layers.

Sample Cox (μF/cm2) k �VFB (mV) Dit (eV−1cm−2) Not (cm−2)

S1 1.411 10.69 685 9.18 × 1012 6.03 × 1012

S2 1.510 13.43 504 9.72 × 1012 4.74 × 1012

S3 1.712 15.97 269 3.95 × 1012 2.87 × 1012

S4 1.883 18.46 152 2.71 × 1012 1.79 × 1012

Figure 9 shows the gate leakage current density as a function of the applied effective field for
samples S1~S4. It is observed that the gate leakage current density of gate insulator/Ge structures
obviously decreases with the increase of La2O3 layer thickness. At the applied effective field of 3 MV/cm,
compared with the control sample, in the sample S4 the gate leakage current density decreases of
almost an order of magnitude. The obvious decrease in the gate leakage current density could be
ascribed to the reduction in the structural defects in the HfO2/La2O3 gate stack benefiting from the
generation of stable LaGeOx component. Moreover, the gate leakage current density-voltage (J-V)
characteristics show different breakdown behaviors, which suggests that the incorporation of La2O3

interfacial passivation layer improves the breakdown field strength of HfO2/Ge MIS capacitors. The
improvement of the breakdown field strength is reported to be associated with a reduction in defects
in gate dielectrics [35]. As mentioned above, the existence of La2O3 interfacial passivation layer could
effectively suppress the generation of structural defects, oxygen vacancies and dangling bonds. The
reduction of structural defects, oxygen vacancies and dangling bonds decreases the possibility to create
a conduction path by forming a continuous chain connecting the gate to the semiconductor, resulting
in higher breakdown field.

 
Figure 9. J–V characteristics of Al/HfO2/Ge and Al/HfO2/La2O3/Ge MIS capacitors.

4. Conclusions

In summary, we investigate the effect of La2O3 passivation layer thickness on the interfacial and
electrical properties of HfO2/Ge MIS structures. It is found that the gate leakage current density of the
MIS capacitor after inserting 15 ALD cycles (~1.3 nm) of La2O3 passivation layer gains almost one
order of magnitude decrease than that of the Al/HfO2/Ge MIS sample. Besides, a relatively low Dit

value of 2.71 × 1012 eV−1cm−2 is achieved. The thickness of the La2O3 passivation layer also affects the
dielectric constants, VFB shifts, hysteresis behaviors and the shapes of dual-swept C-V curves. The
improvement on the interfacial and electrical properties with the increase of La2O3 passivation layer
deposition cycles is related to the formation of a stable LaGeOx layer on the Ge surface, which restrains
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the decomposition or desorption from GeO2 to volatile GeO, contributing to the decrease of structural
defects. These results provide us with quite an effective method for realizing high-quality dielectric/Ge
interfaces for Ge-based MIS devices.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/5/697/s1,
Table S1: Thickness of the deposited films (including interfacial layer) on Ge substrates.
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Abstract: High-quality crystalline nanostructured ZnO thin films were grown on sapphire substrates
by reactive sputtering. As-grown and post-annealed films (in air) with various grain sizes (2 to
29 nm) were investigated by scanning electron microscopy, X-ray diffraction, and Raman scattering.
The electron–phonon coupling (EPC) strength, deduced from the ratio of the second- to the first-order
Raman scattering intensity, diminished by reducing the ZnO grain size, which mainly relates to the
Fröhlich interactions. Our finding suggests that in the spatially quantum-confined system the low
polar nature leads to weak EPC. The outcome of this study is important for the development of
nanoscale high-performance optoelectronic devices.

Keywords: Raman scattering; quantum confinement; electron–phonon coupling; polar semiconductors;
zinc oxide

1. Introduction

Bulk ZnO is an n-type semiconductor material with a direct wide band gap energy (3.37 eV) and
large exciton binding energy (60 meV) at room temperature. These properties make ZnO one of the
most promising oxide semiconductors for high-performance optoelectronic devices, such as touch
screens, liquid crystal displays, light-emitting diodes, chemical/biological sensors, dye-sensitized solar
cells, and piezoelectric devices [1–3]. The optical properties of nanoscale devices can be controlled
by tailoring the average size, shape, and surface modifications of nanometer-sized ZnO crystals [4–6].
However, at the nanoscale, the optical and the electrical properties, such as the energy relaxation rate
of excited carriers and phonon reproduction of excitons in the photoluminescence (PL), as well as
Raman scattering, are greatly influenced by the electron–phonon coupling (EPC) in semiconductor
materials [7]. For instance, the electric field within a material correlates to Coulomb interactions with
the exciton, and the strength of EPC will be enhanced if the wavelength of the phonon vibration
is comparable to the spatial extent of the exciton [8–13]. Such a quantum-confined spatial system
of semiconductors is possible to prepare. However, the optical and the electrical properties of such
system differ significantly from their bulk counterparts.

In the past, both theoretical and experimental studies have been done to estimate the EPC
strength and its dependence on the crystallite size of semiconductor nanocrystals [7–16]. Theoretically,
it has been suggested that the electron–longitudinal optical (LO) phonon coupling should vanish
with decreasing nanocrystal size by using a simple charge neutrality model [9]. However, using the
non-parabolicity of the bands, it has been shown that EPC strength increases when decreasing the
material size [10,11]. Experimentally, using Raman spectroscopy, it has been observed that Fröhlich
interactions play an important role in defining the strength of EPC in various ZnO nanocrystals and
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its value decreases when reducing the crystallite size. However, the dependence of EPC strength on
the nanocrystal shape and size of wide bandgap ZnO is still not completely understood [7,17–23].
Therefore, deliberate control of size and shape of ZnO nanostructures is of particular interest for
the understanding of the fundamental physics of ZnO nanocrystals and for their application in
functional devices.

The sputtering method has many advantages including better film growth control, uniformity,
repeatability, low-temperature deposition, and large-scale stability. The properties of sputtered ZnO
thin films not only depend on the deposition parameters (RF power, pressure, substrate temperature,
ambient atmosphere), but also on the post-deposition processes such as thermal treatment [24–26].
However, the effect of post-annealing on the ZnO film properties has not often been reported in the
literature. In this study, we report on the effect of post-annealing on the structural and the optical
properties of the magnetron sputtering deposited ZnO thin films. The main focus of this study is to
examine the influence of the grain size on the evolution of phonon confinement and the strength of EPC
using Raman spectroscopy. Raman spectroscopy is a versatile and fast nondestructive characterization
technique sensitive to distortions in the crystal lattice, crystal defects, and phase transformation [27].
Based on inelastic light scattering, it can provide information about the phonon vibrational and
rotational mode properties of post-annealed ZnO to get insight into the effect of size reduction on the
EPC in ZnO nanocrystals. The results of crystalline structure, grain size, surface morphology, defects,
and optical properties of both as-deposited and post-annealed ZnO thin films have been investigated.

2. Materials and Methods

The vapor-phase deposition was performed with reactive sputtering on sapphire substrates with
Al2O3 (0001) normal orientation using a Zn target of purity 99.995% located about 8 cm away from
the substrates and a mixture gas with argon:oxygen = 4:1. During the deposition, a total pressure
was maintained at 50 mTorr and monitored by an absolute capacitance manometer. A direct-current
power supply was used to drive the magnetron sputtering plasma at 80 W. The substrate was rotated
at a speed of three turns per minute to eliminate the effects of slanted deposition. A calibrated
quartz crystal microbalance (Model TM-350, Matek Inc., Cypress, CA, USA) operating at 6 MHz was
taken to follow the deposited mass in real time, realizing a comparable thickness of 300 nm for each
film. The sputtered films (ZnO/ALO) were annealed in air for one hour at temperatures (TA) from
100 to 800 ◦C in a step of 100 ◦C followed by characterizations of structure and properties at room
temperature. Structural and surface morphological analysis of films was carried out using X-ray
diffraction (XRD, Rigaku D/Max-2500V X-ray Diffractometer, The Woodlands, TX, USA) with CuK α

radiation (wavelength: 1.54178 Å) and scanning electron microscopy (SEM) taking 15 keV incidence
beam for secondary-electron imaging on JEOL JSM-7000F (Peabody, MA, USA) equipped with a field
emission electron source. The mean diameter distribution was estimated from relative SEM images
using Nano Measurer software (Nano measurer 1.2.5, Jie Xu, Fudan University, Shanghai, China).
Raman scattering was utilized to study the defects and the effect of reduced grain size on phonon
confinement and the strength of EPC. Scattering spectra were recorded with a Jobin Yvon T64000
spectrometer (Horiba Scientific, Paris, France) using a continuous-wave laser of 325 nm. The excitation
laser power on the sample was ~4 mW with 1 μm diameter of the laser beam spot. The full profile
fitting of Raman spectra was carried out using Fityk 0.9.3 software [28].

3. Results and Discussion

3.1. Morphology and Structural Characterization

Figure 1 shows SEM images of as-deposited room temperature (RT) and 100 to 800 ◦C annealed
ZnO/ALO films (in a step of 100 ◦C), revealing granular nature within nanometric range and
an increase of grain size with the increase of TA. Uniformly distributed nanoplate-like grains
of ~10 to 15 nm thickness and ~50 to 80 nm length have been seen from RT and 100 to 300 ◦C
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annealed films. Annealing at temperatures from 400 to 500 ◦C resulted in the transformation of
nanoplates into pseudospherical nanoparticles, forming agglomerated sphere-like nanoparticles.
However, the annealing at and above 600 ◦C resulted in the formation of films with interconnected
granular surface morphology. The mean diameter <d> of asymmetrically distributed nanoparticles
was obtained by fitting the log-normal distribution function f (d) = 1√

2πdσ
exp

[
− (ln d−ln〈d〉)

2σ2

]
to the

histogram obtained from SEM images, where σ is the standard deviation of the fitted function shown
in Figure S1. The fitted values of (〈d〉, σ) vary from ~(13 nm, 0.16) to (65 nm, 0.42) with the increase of
TA from RT to 800 ◦C (see Table S1). The value of 〈d〉 ~13 nm, which is the width of the nanoplates,
remains independent of TA up to 300 ◦C; above that a drastic increase in the grain size can be seen,
reaching a saturation value of ~62 nm at TA 600 ◦C. From the fitted values of σ, it appears that the
distribution of small-sized particles is confined within a narrow range at low TA and evolves with
an increase of TA.

 

Figure 1. Scanning electron microscopy (SEM) images of RT and 100 ◦C to 800 ◦C annealed ZnO/ALO
films. (All the images are taken at the same magnification (×105) with a scale bar of 100 nm shown in
the image of 800 ◦C).

Figure 2a shows XRD spectra for RT and 100 to 800 ◦C annealed ZnO/ALO films, taken under
a fixed glancing incident angle of 3◦. All Bragg reflections from RT film were identified to emerge from
wurtzite ZnO (JCPDS 036-1451), and simple hexagonal Zn (JCPDS PDF#00-004-0831) [29], indicating the
high purity of the vapor-phase deposited film. The annealing at temperatures above 100 ◦C resulted
in complete oxidation of Zn and the formation of pure ZnO films. This was also supported by
energy-dispersive X-ray spectroscopy, showing that only Zn, O, Al, and C are detectable in the
films (data not shown), where Al and C came from the sapphire substrates and surface adsorbents
respectively. The crystallinity of film improves with an increase of TA, resulting in an enhanced Bragg
maximum and reduced spectral width. The appearance of weak diffraction peaks corresponding
to the (100), (101), (102), (110), (103), (112) and (201) planes of ZnO suggested the presence of some
randomly oriented grains. However, there was a preferential growth along the (002)ZnO plane’s normal,
resulting in the very strong (002) reflection in Figure 2a. The intensity profile of the most intense (002)
and (101) reflections can be fitted with a Lorentzian distribution function to determine its full-width at
half maximum (FWHM) β. Using Scherrer’s formula: d = kλ/β cos θ (where k = 0.94 is a Scherrer’s
constant and θ is the Bragg angle), the calculated grain size (d(002), d(101)) of RT, and 100 to 800 ◦C
ZnO films is (2 nm, 19 nm), (5 nm, 23 nm), (7 nm, 25 nm), (8 nm, 22 nm), (10 nm, 20 nm), (16 nm,
22 nm), (26 nm, 28 nm), (24 nm, 27 nm) and (29 nm, 29 nm), respectively (see Table S1). Figure 2b
compares the calculated values of d(002), d(101) and estimated <d> from SEM images with respect to
TA. The value of d(002) shows a minimum of 20 nm at TA = 400 ◦C, whereas d(101) increases with TA
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and at and above 600 ◦C, d(101) ≈ d(002). Above finding indicates a change in grain dimensions with
aspect ratio d(002)/d(101) decreasing from ~9 to ~1 due to increasing TA up to 800 ◦C. Furthermore,
particle size <d> ~13 nm obtained from SEM images (RT to 300 ◦C) is smaller than that of d(002)
~20 nm, indicating that nanoplate-like grains exhibit fast grown rate along (002) direction, which is
consistent with XRD spectra. This trend is consistent with SEM observations, supporting the idea that
ZnO grains have developed from small plate-like grains (which could be oriented along the c-axis)
to large sphere-like ones above 400 ◦C. Our findings revealed that much finer nanocrystals can be
formed during the reactive deposition of ZnO films as compared with ZnO grains (d(101) ~13 to 24 nm)
formed through annealing a pure Zn film on Al2O3(001) substrates (Zn/ALO) with a comparable
film thickness for one hour in air at similar temperature TA varying from RT to 800 ◦C. As compared
with the ZnO/ALO film, different structural evolution of ZnO from post-annealing of the Zn/ALO
film is reflected in the distinct XRD 2-θ scan patterns (Figure S2) as well as the calculated lattice
constants and the internal parameter u (see the comparison in Table S1 and Figure S3). This difference
is thought to be related with the highly anisotropic early-stage growth of ZnO crystallites emerged
during reactive sputtering of the ZnO/ALO film leading to an aspect ratio of d(002)/d(101) as high
as ~9. Whereas, ZnO crystallites evolved isotropically from nearly-sphere-shaped crystallites with
aspect ratios between 0.9 and 1.1 formed during post-annealing of the Zn/ALO film in the air. In fact,
ZnO grain sizes in as-deposited films have been observed to depend on sputtering parameters [30,31].
Our observation of average grain sizes down to ~5 nm in low-temperature annealed ZnO/ALO films
are consistent with a previous report that fine crystallites are formed during reactive sputtering of ZnO
films on Si(100) substrates using oxygen partial pressures below 30% (20% in our case) [30]. The fact
that the calculated grain size using XRD is much smaller than the particle size estimated from SEM
images is attributed to the formation of multi-grain ZnO particles due to annealing, particularly at
temperatures above 400 ◦C.

 

Figure 2. (a) “F(calc) weighted” LaBail extraction analysis [32] (solid line) for the X-ray diffraction (XRD)
pattern (crosses) of the RT, and 100 to 800 ◦C annealed ZnO/ALO films (bottom to top) with Bragg
reflections of ZnO and Zn (star-marked) phases indicated; (b) TA-dependency of d(002), d(101) calculated
from XRD patterns and the fitted values of <d> obtained from SEM images. Black colored solid
lines represent the growth law fitting to d(101); (c) Grain-sized d(101) dependence of the ratio of lattice
constants c/a, where the horizontal lines represent the value of bulk ZnO, and the solid line denotes
the exponential fit. The inset in (c) shows the corresponding evolution of the internal parameter u.

For detailed structural investigation of the ZnO/ALO films, “F(calc) weighted” LaBail extraction
analysis of all samples was carried out by refining XRD spectra using the GSAS software package,
as shown in Figure 2a [32]. We confirmed that the Zn and ZnO phase (space group P63/mmc and
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P63mc) existed in RT and 100 ◦C films, whereas there is a single ZnO phase in 200 to 800 ◦C films.
The fitted values of lattice constants (a = b, c) of the ZnO phase obtained from RT, and 100 to 800 ◦C
films, are summarized in Table 1, showing a lattice contraction along the a = b axis from RT and 100 ◦C
films, whereas the value obtained from 200 to 800 ◦C films shows a value very near the bulk value of
3.250 Å. On the contrary, the lattice constant along the c-axis shows exponentially decreasing behavior
with the increase of TA and approaches the bulk value of 5.207 Å around ~500 ◦C, above which it is
almost TA-independent (see Figure S3a,c). The axial ratio c/a and the internal parameter u (u represents
the relative position of two hexagonal close-packed sublattices of the wurtzite) can be used as indicators
of the polarity as the deviation occurs in the lattice of the wurtzite ZnO structure. Figure 2c shows
the d(101) dependence of fitted values of c/a, revealing the development of short- to long-range polar
interaction with the increase of grain size. The solid curve in Figure 2c denotes an exponential decay
function, namely c/a = (c/a)Bulk + 0.034(5) exp

(
−d(101)/ξo

)
, where (c/a)Bulk = 1.602 represents

the ratio of long-range polar interaction and ξo = 3.6(6) nm is the domain size. The obtained domain
size is very near that of the quantum-confined dots (~3.5 nm), from which a very weak EPC strength
of ~0.39 has been reported [18]. Ignoring the slight length difference between the Zn–O bond along
c-axis and the others, the internal parameter can be estimated by u = 1

3

(
a2

c2

)
+ 1

4 . Taking the fitted
values of lattice parameters a and c, changes in the estimated u with respect to d(101) (shown in the
inset of Figure 2c) are found to evolve from 0.3769 (RT) and show an exponentially increasing behavior
with size, resulting in a saturation value of ~0.3800 at ~10 nm (TA = 400 ◦C), which is smaller than
the reported bulk value of 0.3825. In contrast, as discussed before, the annealing of pure Zn films
(Zn/ALO) at 100–400 ◦C for 1 h in air has led to the formation of much larger grains of ZnO (d(100)
≈ 11–14 nm) with aspect ratios of ~0.9–1.1 and significantly lower values of the internal parameter u
~0.3797–0.3798 (see Table S1 and Figure S3d). Therefore, both the surface dipole-induced electrostatic
effects of the polar wurtzite structure and the vapor-phase ambient conditions during the magnetron
sputtering were thought to dominate the anisotropic growth of ZnO nanocrystals during deposition.
The observed increase of c/a and the very low value of u in fine-sized granular films (<10 nm) could
be due to the effect of compressive strain. The strain (ε) and stress (σ) in the films, along with the
c-axis, can be estimated using ε = (cfilm − cbulk)/cbulk and σ = −2.33 × 1011GPa·(cfilm − cbulk)/cbulk,
where cfilm and cbulk = 5.207 Å are the lattice parameters of the film and unstrained ZnO, respectively.
The calculated values of ε, σ summarized in Table 1 show decreasing behavior with the increase of
grain size. Overall trends seen from SEM images, grain size, and lattice constant can be understood by
considering that increasing TA at and above 400 ◦C resulted in morphology transition accompanied by
lattice relaxation towards equilibrium bulk state as indicated with the bulk value of c/a or u. The above
structural finding indicates that the effect of quantum confinement in RT and low-temperature annealed
films could also influence the band gap shift and EPC strength.

Table 1. Lattice constants a = b and c for Zn and ZnO phases and the internal parameter u, strain ε ,
stress σ, and parameters wRp and Rp for fitting the XRD patterns of the ZnO/ALO films based on the
“F(calc) weighted” LaBail extraction analysis [32].

TA (◦C)
Zn ZnO

wRp Rp χ2

a = b (Å) c (Å) a = b (Å) c (Å) u ε (%) σ (GPa)

25 (RT) 2.6531(11) 5.1315(16) 3.2358(11) 5.2442(3) 0.3769 0.71 −1.66 0.2638 0.1538 6.132
100 2.6569(13) 5.0304(24) 3.2462(8) 5.2343(7) 0.3782 0.52 −1.22 0.3403 0.2317 5.741
200 3.2514(8) 5.2191(2) 0.3794 0.23 −0.54 0.2639 0.1794 4.989
300 3.2495(7) 5.2179(2) 0.3793 0.21 −0.49 0.2492 0.1597 5.448
400 3.2525(6) 5.2151(5) 0.3797 0.16 −0.36 0.3169 0.2233 4.235
500 3.2449(7) 5.2023(12) 0.3797 −0.09 0.21 0.3092 0.204 3.878
600 3.2485(5) 5.2066(9) 0.3798 −0.01 0.02 0.3743 0.2436 3.426
700 3.2509(2) 5.2106(2) 0.3797 0.07 −0.16 0.3084 0.1907 4.043
800 3.2488(4) 5.2024(6) 0.3800 −0.09 0.21 0.3515 0.2318 3.3
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3.2. Electron–Phonon Coupling in ZnO Films

An intense multiphonon scattering of the RT and 100 to 800 ◦C annealed ZnO/ALO films with various
grain sizes was observed with the Raman spectra in Figure 3a, where the three major bands were attributed
to longitudinal optical A1(LO) polar symmetry modes and its overtones A1(2LO, 3LO). It is interesting
to note that as TA increased, the intensities of the A1(LO) mode and their overtones decreased, with the
spectral width narrowing down. The anomalous behavior was analyzed quantitatively using a profile
fitting method. The solid line in Figure 3a represents the fit using the Voigt function covering the whole
spectrum, and the fitting parameters are summarized in Table S2. Based on the reported zone-center
optical phonon frequencies in ZnO, Raman spectra obtained from RT ZnO film exhibited prominent
maxima at 573.9(1) cm−1, 1144.7(5) cm−1 and 1724(2) cm−1 identified with A1(1LO), A1(2LO), and A1(3LO)
respectively, which are consistent with that observed on sol-gel derived ZnO quantum dots of size down to
~3.5 nm [18]. Figure 3b depicts the d(101) dependency of the peak center of A1(1LO), which can be described

very well using XC(1LO) = XC0(1LO)
[
1− 0.016 exp

(
−
(

d(101)/dC

))]
, where XC0(1LO) = 580 cm−1 is

the bulk value of ZnO and dC = 7(2) nm. Compared with that of the ZnO bulk, a redshift ranging from ~0
to 6 cm−1 was obtained as the grain size decreased from 29 to 2 nm. Inset of Figure 3b shows the obtained
increasing behavior of full-width at half-maximum (Δω) of A1(1LO) mode with the decrease of grain size.
A similar redshift and the broadening due to decreasing grain size was also observed from the overtones of
A1(1LO) mode. Figure 3c shows the d(101) dependency of the integrated intensity of A1(LO) mode (I1LO),
where the solid line is a guide for the eye. An exponential decay in the intensity can be seen with the increase
of grain size (i.e., increase of TA). Such a pronounced spectral redshift, broadening, and the asymmetry
of A1 mode and its overtones from small sized grains could result either from phonon localization due to
intrinsic defects or the spatial confinement within the grain boundaries. However, from the PL spectra of the
ZnO/ALO films, we have observed (i) a blueshift in UV emission from 3.25 eV to 3.30 eV and (ii) a redshift
in discernible broad and intense green band emission (1.8–2.7 eV) with the decreasing grain size from 10 to
2 nm (data not shown). Since, exciton Bohr radius of bulk ZnO is 2.34 nm (i.e., diameter 4.68 nm), the carrier
confinement in the ZnO films with grain size below 9(1) nm is in the moderate to strong confinement
regimes. Therefore, the observed blueshift of UV emission with decreasing grain size can be ascribed
to quantum confinement effect, whereas redshift of green band emission to the high density of oxygen
vacancies at the surface of the grains. Interestingly, both UV and green band emission do not show any
size dependency above 10 nm (further details about PL of granular ZnO films will be published in the near
future). The above finding suggests that the n-phonon process is contributed to the Raman scattering cross
section of low annealed films, which occurs when the energy of incoming or scattered photon matches the
real electronic states in the quantum-confined material.

 

Figure 3. (a) Raman spectra of RT and 100 to 800 ◦C annealed ZnO/ALO films, where the solid line
represents the fit using Voigt function; (b) The d(101) dependency of peak center of A1(1LO) phonon
mode where the solid line represents the fit. Inset of the figure shows d(101) dependency of the spectral
width Δω(1LO), where the dashed line is a guide for the eye; (c) The d(101) dependency of the Raman
scattering intensity I1LO, where the solid line is a guide for the eye.
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The ratio of the relative cross-sections of the first- and second-order Raman scattering A1(2LO)
and A1(1LO) modes, R = I2LO/I1LO, can be used to estimate the EPC strength, which is related to the
Huang–Rhys parameter S by taking the scattered intensity InLO ∝ Sne−S/n! within the Franck–Condon
approximation [33]. Along with the grain size dependency of EPC strength observed in this work,
Figure 4 also depicts the size dependency of reported values of EPC strength of nanoparticles (9 to
20 nm) [17], quantum dots [18,22] (3.5 to 20 nm), and granular thin film (33 nm) [34]. It is interesting
to note that quantum dots with size below 12 nm show a lowest, almost a constant value of EPC
strength ~0.4 and above which it increases exponentially, whereas a highest value of EPC from the
granular thin film approaches 3.1 [18]. Therefore, the EPC strength obtained from granular ZnO
films can be split into two regions, namely, Re-I (~2 to 9 nm) and Re-II (~9 to 29 nm). Contrary to
size dependency of quantum dots, the grain size dependency of EPC strength in Re-I shows shallow
deep around ~5 nm, which can be described as R = 0.76 − 0.09d(101) + 0.01d2

(101) (represented by the
solid curve in Figure 4). However, in Re-II, above ~9 nm, a drastic increase in the EPC strength with
value approaching towards a bulk value of 2.85 (represented by a horizontal dotted line) can be seen,
where dashed line is guided for the eye. The deformation potential and the Fröhlich potential are
responsible for the size dependency of the EPC strength. The TO phonon mode includes a contribution
from the deformation potential, involving short-range interaction between electrons and the lattice
displacements, whereas the LO phonon mode includes contributions from both the potentials that
involve the long-range interaction generated by the macroscopic electric field associated with the
LO phonons. However, in the present set of ZnO films, under resonant conditions, the intensity
of the LO phonon greatly increases with the decrease of grain size, and that of the TO phonon is
almost insensitive. Therefore, the low value of EPC obtained from the spatially quantum-confined
grains in Re-I can be attributed to less polar nature as observed from XRD analysis, whereas the
linear increasing behavior of EPC in Re-II signaling strong size dependency is mainly related to the
long-range Fröhlich interactions.

 

Figure 4. A plot of d(101) dependency of EPC strength in the current work compared with that reported
for nanoparticles [17], quantum dots [18,22], and thin granular film [34], where the horizontal dotted
line indicates the bulk ZnO value of 2.85. The solid red color line represents a fit as discussed in the
text, whereas the straight red and black dashed lines are guides for the eye.

Structural reconstruction has been proposed to take place while annealing reactively sputtered
ZnO films with TA exceeding the melting point of zinc (420 ◦C for the bulk) due to forming films in
a melted state, whereas higher TA is needed for recrystallization [35]. In contrast to a recrystallization
process, we propose that a structural reconstruction process takes place accompanied with out-diffusion
of native defects thermally activated at high TA. This view was corroborated with correlated
observations with TA ~600 ◦C: (i) annealing at and above 600 ◦C resulted in the formation of films with
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well interconnected granular (~62 nm) surface morphology (ii) retrogressive increase of oxygen vacancy
(VO) density in the surface region revealed by XPS (data not shown), and (iii) drastic enhancement
of the EPC strength revealed by Raman scattering. Since no surface vibration modes were detected
in our study, Raman scattering events were thought to have taken place mainly inside the bulk.
The proposed thermally activated out-diffusion is consistent with recently reported density functional
theory calculations supporting an energetically favorable migration of VO in the direction from bulk to
surface in bare ZnO nanowires [36]. Our observations were self-consistent in that bulk EPC property
was approached at high TA when lattice relaxation revealed with XRD also proceeded in parallel
towards bulk state as discussed in Figure 2c. It is noted, however, that a direct comparison of EPC
strengths derived for nanostructures with that of bulk is inappropriate and could lead to conceptual
confusion [7,37].

4. Conclusions

Granular ZnO film with nanoplate-like morphology and strong preferential growth along the
(002) plane’s normal was grown by reactive sputtering technique. Annealing from 100 to 800 ◦C in
an ambient atmosphere leads to an increase of crystalline size d(101) from 2 to 29 nm and a morphology
transformation of nanoplate-like shapes to well inter-connected sphere-like grains. The structural
analysis carried out by “F(calc) weighted” LaBail extraction analysis of XRD spectra reveal low polar
nature of small-sized granular films. The EPC strength deduced from the ratio of the second- to the
first-order Raman scattering intensity shows a linear decreasing behavior with the decrease of grain
size down to 10 nm, in principle as a result of the Fröhlich interaction. However, below a critical
size of 9 (1) nm, a shallow valley with a minimum of EPC strength ~0.53 was obtained around 5 nm.
Our finding suggests that in the spatially quantum-confined system the low polar nature leads to
weak EPC strength. The outcome of this study is important for the future development of nanoscale
high-performance optoelectronic devices.
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Abstract: Ar/O plasma irradiation is proposed for post-treatment of vanadium dioxide (VO2) films.
Oxidation and surface migration were observed in the VO2 films following irradiation. This combined
effect leads to an effective stoichiometry refinement and microstructure reconstruction in the interfacial
area. A notable improvement in luminous transmittance and an enhancement in phase transition
performance of the treated VO2 films were achieved. Compared with that of as-deposited VO2 films,
the electrical phase transition amplitude of treated films increased more than two-fold. The relative
improvement in luminous transmittance (380–780 nm) is 47.4% (from 25.1% to 37%) and the increase
in solar transmittance is 66.9% (from 29.9% to 49.9%), which is comparable to or better than the
previous work using anti-reflection (AR) coatings or doping methods. The interfacial boundary state
proved to be crucial and Ar/O plasma irradiation offers an effective approach for further refinement
of thermochromic VO2 films.

Keywords: vanadium dioxide; post-treatment; plasma irradiation; luminous transmittance;
phase transition performance

1. Introduction

Vanadium dioxide (VO2) undergoes a reversible metal–insulator transition (MIT) near
temperatures of 68 ◦C [1]. During this phase transition, many of its physical properties change
significantly resulting in abrupt changes in near-infrared (IR) transmittance. At high temperatures
(>Tc), the film blocks IR radiation whereas at low temperatures (<Tc), it is allowed to pass. This unique
characteristic of the phase transition is employed to regulate the solar heat flux in a manner dependent
on the ambient temperature, thereby making VO2 a very promising material for energy-efficient,
smart-window applications [2–4].

Much effort has been devoted to improving the thermochromic properties of VO2 films and
limit global energy consumption in a warming climate. For the successful application of VO2-based
energy-efficient smart windows, the requirements for high luminous transmittance and phase-transition
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performance must be met simultaneously. High luminous transmittance and notable IR adjustment
capability are two opposing aspects in VO2 films. To fabricate VO2 films with satisfactory luminous
transmittance and phase transition performance is a challenging task [5,6]. Previously, to improve
its visible transmittance, much of the work was focused on coating an anti-reflection (AR) layer on
a VO2 surface or doping another low-absorption element with VO2 [7–10]. These strategies were
either complicated or failed to achieve the desired phase-transition performance. In VO2-based
smart-windows research, annealing became a conventional post-treatment method that permitted
remarkable modifications of the film stoichiometry as well as surface morphology [11,12]. However,
in some instances, the high annealing temperatures were disastrous in fabricating toughened glass and
flexible substrates [13].

In this paper, we present a simple method involving room-temperature Ar/O plasma irradiation
post-treatment, which not only notable improves the visible transmittance of VO2 films, but also
enhances its thermochromic performance. High-energy plasma irradiation is a commonly used
technique to modify material surfaces. Nonetheless, Ar/O plasma irradiation for post-treatment has
not been applied to thermochromic VO2 films. The phase-transition characteristics of VO2 are sensitive
to the film’s stoichiometry, crystal quality, defect content, and boundary state [14–17]. The top-surface
layer of the VO2 films bridges light transmission between film and media, and differences in boundary
states of the composition and microstructure creates an anisotropy in interfacial admittance and
electron mobility. Insufficient attention has been given to this interfacial state modification because
controlling the interfacial configuration is difficult even during the optimized physical vapor deposition
(PVD) process.

The present work aims to assess the effect of Ar/O plasma irradiation around neighboring areas
of treated VO2 film surfaces and the corresponding impact on its MIT properties. The solo Ar and
oxygen plasma have been systematically used in earlier experiments, and the better potential of
property improvement was found when using the Ar/O plasma. The ratios of Ar and oxygen gas in the
plasma were also systematically optimized based on earlier results. The VO2 films are deposited by
reactive direct current (DC) magnetron sputtering and irradiated with various levels of Ar/O plasma
power. We provide the results demonstrating the notable enhancement in luminous transmittance and
phase-transition performance from plasma irradiation. Favorable results are achieved after properly
controlling the process. Moreover, we show that electrical phase-transition amplitude increases more
than two-fold while nearly preserving the thermal hysteresis width and phase-transition temperature.

2. Experimental Details

VO2 thin films with the thickness of 70 nm were deposited by DC reactive magnetron sputtering
on K9 glass (D30 × 3 mm). The vacuum chamber was pumped down to a base pressure of 6 × 10−4 Pa,
and the substrate temperature was maintained at 480 ◦C. The gas flow of Ar and O2 were 40 sccm and
2 sccm, respectively, and the working pressure was maintained around 0.5 Pa during the deposition.

The Ar/O plasma irradiation was performed in a vacuum chamber system equipped with a
microwave ion source and the working frequency was 2.45 GHz (Alpha Plasma Q150). Base pressure
of the vacuum system was 1.5 Pa, and the typical working temperature was 30 ◦C. During the plasma
irradiation, the flow of Ar and O2 was set as 50 sccm and 100 sccm, respectively, the irradiation power
range varied from 350 W to 550 W, and this lasted 30 min for each round.

The crystalline phases were identified by X-ray diffractometer (UltimaIV, Rigaku, Tokyo,
Japan) with θ-2θ coupled scanning mode (CuKα radiation with a wavelength of 0.15418 nm).
The surface roughness was evaluated by Atomic force microscopy (AFM) (EasyScan2, Nanosurf,
Liestal, Switzerland) with sampling range 2 μm × 2 μm. A field emission scanning electron microscope
(Supra 55Sapphire, SIGMA Essential, Jena, Germany) was used to examine the surface morphology of
the samples. Horiba Scientific XploRA PLUS Raman spectrum equipped with a 532 nm laser at an
output power of 2 mW was used for structural properties analysis. The transmittance spectra were
obtained by a spectrophotometer (Lambda 950, PE, Boston, USA) at 25 ◦C and 70 ◦C with a wavelength
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range of 250-2500 nm, respectively. Temperature dependence of sheet resistances were measured
by a four-probe method and the temperature range was adjusted as 25–80 ◦C for both heating and
cooling loops.

3. Results and Discussion

3.1. Structure Characteristic

Figure 1a shows the X-ray diffraction (XRD) patterns of an as-deposited VO2 film and treated VO2

films. An intense peak located at 2θ = 27.86◦ and two weak peaks located at 2θ = 55.53◦, 57.56◦ are
observed in all samples. They correspond to the (011), (220), and (022) planes of VO2 (M) (PDF#82-0661).
This indicates that the as-deposited VO2 layers exhibit a highly crystallized monoclinic phase with a
preferential growth in the (011) lattice orientation. However, an obvious diffraction peak at 2θ = 20.13◦
(encircled by shaded ellipse) appears and becomes stronger as the plasma power increases. Its presence
reveals that (001) V2O5 appears when the irradiation power is sufficiently high (>450 W in this instance).

 

 
Figure 1. (a) X-ray diffraction (XRD) patterns of VO2 films irradiated with Ar/O plasma at different
powers; (b) Raman spectra of Ar/O plasma irradiated VO2 films with different powers; (c) top-view
of the VO2 cluster model showing the binding sites, the silver and red spheres represent V(+4) and
oxygen atoms, and the solitary yellow sphere a V(+5) atom.

The Raman spectra of VO2 films bombarded with Ar/O plasma (Figure 1b) show obvious Raman
bands at 191, 221, 308, 388, and 612 cm−1, which are associated with the monoclinic phase of VO2 (M),
all five bands corresponding to the Ag symmetry mode. The peaks at 308, 388, and 612 cm−1 correspond
to the V–O vibration modes whereas the pronounced peaks of 191 and 221 cm−1 are assigned to the V–V
vibration modes and become stronger as the power increases in the range 350–450 W. The implication
is that the content of VO2 (M) increases from oxygen deficiency that occurs during Ar/O plasma
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irradiation. The new Raman peaks at 145, 282, 525, and 992 cm−1 belong to the V =O vibration mode in
V2O5 that appears noticeably after plasma irradiation, with the increase in intensity as the bombarding
power is increased [18]. The results are also in good agreement with the XRD analysis. A top-view of
the model (Figure 1c) shows the binding of the clusters occurring in the VO2 interface area. Oxygen
atoms (red spheres) may be supplied and inserted in the oxygen-vacant sites (marked by an arrow) in
the VO2 clusters during Ar/O plasma irradiation, thereby raising the VO2 concentration. This may be
accompanied by some additional content of V (+5) atoms (light yellow sphere) binding onto a nearby
area on the surface when the Ar/O plasma irradiation power is high enough.

3.2. Surface Morphology

The surface morphologies of VO2 films after Ar/O plasma irradiation exhibit significant differences
compared with as-deposited films. From the scanning electron microscope (SEM) images (Figure 2)
flake-like nanoparticles are seen distributed evenly on the untreated VO2 surfaces. Small rice-like
nanoparticles at first appear on the surface and grow (350 W and 450 W in Figure 2); they then
gather into rod-like nanoparticles as the plasma power continues to increase up to 500 W. The rod-like
shape and number of crystalline grains of VO2 films have significantly augmented after Ar/O plasma
irradiation at 550 W.

 

Figure 2. Scanning electron microscope (SEM) images of the surface morphologies inVO2 films
irradiated with Ar/O plasma at different powers.

A comparison between as-deposited VO2 films and films irradiated with Ar/O plasma power of
500 W of the typical morphology (Figure 3) highlights the corresponding accumulative changes on the
VO2 surface during the irradiation process. The surface roughness is evaluated by determining the
average root-mean-square (RMS) roughness and the peak–valley (PV) value obtained from atomic
force microscopy (AFM) images. The underlying microstructure has undergone a conversion by the
bombardment with the AFM images clearly revealing a nanoporous morphology (Figure 3b) changing
into rod-like clustering (Figure 3f). Moreover, a rougher and more bumpy surface forms (Figure 3g)
producing a RMS roughness and PV value of 7.6 nm and 58.2 nm, respectively. Both quantities increase
sharply as the power rises because of the newly formed rod-like clusters, as evident in the SEM images
(Figure 2). A SEM micrograph of a vertical section (Figure 3e) reveals that a change in boundary state
results from recrystallization and surface migration in the underlying area between the top surface and
the bulk of the VO2 film, with a penetrating depth of about 20 nm.

The irradiation of the surface causes oxidation because the energy of the co-existing Ar/O ions is
high. The Ar+ ions colliding with the VO2 molecules help break the chemical bonds, and at the same
time, the oxygen atoms/ions (such as O−, O2

−) react with the V atoms to fill oxygen vacancy sites or
cause further oxidation. A schematic of the interaction in a VO2 film during Ar/O plasma irradiation is
shown in Figure 3d; a schematic enlargement (panel I) shows the crystalline structure of monoclinic
VO2 (M) in an untreated VO2 film during irradiation. Either the oxygen vacancies are filled or further
oxidization takes place in parts of the structure to change VO2 (M) into orthorhombicV2O5 (dotted
circle). In addition, the Ar+ ion serves as an extra source of energy that may be transferred to the atomic
groups (blue spheres) and induce further surface migration or crystallization near the surface area
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(panel II). The clusters of interfacial groups gather and reshape the surface to create new functionality.
Insufficient attention has been given to this interfacial state modification because controlling the
interfacial configuration is difficult during the physical vapor deposition process. Combining these
two aspects, the microstructure as well as the composition in the interfacial area is reconstructed and
modulated simultaneously.

Figure 3. Schematic of Ar/O plasma irradiation and corresponding effect on the VO2 film surface (d);
Cross-section SEM images of as-deposited VO2 films (a) and films irradiated with Ar/O plasma (500 W)
(e); atomic force microscopy (AFM) images and line profiles of untreated VO2 films (b,c) and films
irradiated with Ar/O plasma (500 W) (f,g).

3.3. Thermochromic Property

Using the four-point probe technique, temperature-dependent sheet resistances were measured
and plotted (Figure 4). The VO2 films exhibit semiconductor characteristics with a sheet resistance
of about 104–105 Ω/square at room temperature, and a sharp decrease in sheet resistance is observed
when increasing temperature. The ratio of the film sheet resistance before and after the phase transition
determines the film’s electrical phase-transition amplitude ΔA. The average transition temperature in
the heating and cooling process is defined as the film’s phase transition temperature TMI. The power
dependence of the thermal hysteresis width ΔH and the phase transition temperature TMI (Figure 5b)
were obtained from standard Gaussian fitting methods by taking the derivative of the logarithmic sheet
resistance with respect to the temperature of the VO2 films during heating and cooling cycles. Both
ΔH and TMI exhibit variations within the temperature ranges 9–10 ◦C and 53.5–54.5 ◦C, respectively;
both were stable within the limits of error uncertainties.

From Figure 5a, ΔA of the samples obviously increases after irradiation by more than two-fold
that of as-deposited VO2 films (from 2.19 × 105 to (5–6) × 105 in the range 450–550 W). In the SEM
images, more boundary discontinuities between the top surface and bulk films were generated after
plasma irradiation. With a reduced electron mobility, the sheet resistance of the dielectric states
increases. However, the variation in composition of the VO2 film dominates the resistance of the metal
state, altering oxygen deficiency sites or further oxidizing the VO2 film during plasma irradiation,
as confirmed in the XRD and Raman spectra. Thus, the enhancement in the electrical phase transition
amplitudes is mostly attributable to details of the stoichiometry as well as the morphology changes in
the VO2 surface area [19].
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Figure 4. Temperature dependence of sheet-resistance in VO2 films treated with different Ar/O
plasma powers.

 
Figure 5. (a) Amplitude of transition ΔA and (b) phase transition temperature TMI and thermal
hysteresis width ΔH of VO2 films irradiated with Ar/O plasma of different powers.

3.4. Optical Performance

The optical transmittance of as-deposited VO2 films and treated film were measured at 25 ◦C and
70 ◦C using a spectrophotometer for both insulating and metallic states (Figure 6a). The transmittance
spectra for the plasma-treated VO2 films in both the insulating and metallic states show sharp
increases (marked by an arrow). In the insulating state, the peak transmittance in the visible range
(380 nm–780 nm) increased continuously from 40% to 65%. In the infrared range, the transmittance
also improved remarkably, and is only achieved with the extreme-wide-range AR coatings [20].
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The transmittance of infrared solar energy and the IR-switching characteristic are calculated using the
following formulae,

Tsol =

∫
ϕsol(λ)T(λ)d(λ)/

∫
ϕsol(λ)dλ (1)

ΔTsol = Tsol (25◦C) − Tsol (70◦C) (2)

where T(λ) is the transmittance of wavelength λ, ϕIR-sol(λ) is the solar irradiation spectrum for AM1.5
in the infrared range (AM1.5 is the global standard spectrum corresponding to the Sun positioned
at 37◦ above the horizon). The solar transmission Tvis is also equivalent to the standard luminous
transmission Tlum for photopic vision in human eyes.

Figure 6. (a) The optical transmittance spectra of VO2 films bombarded with Ar/O plasma were
measured at 25 ◦C and 70 ◦C using a spectrophotometer for both insulating and metallic states; (b) solar
transmittance of Tlum, Tsol, and solar regulation ratio �Tsol in VO2 films after Ar/O plasma irradiation.

From the integral transmittance results (Figure 6b), Tlum (black square) and Tsol (red square) of
plasma-treated VO2 films increase continuously from 25.1% to 38.3% and 29.9% to 45.9%, respectively,
as irradiated power increases up to 550 W. The variation in the modulation ratio ΔTsol (blue square)
decreases slightly by about one percent at higher power. However, for VO2 (M) film, a calculation
shows that it is difficult to achieve a sufficiently high transmittance while simultaneously preserving
�Tsol [21]. Nevertheless, favorable results are found in the 500W group, with a relative improvement in
Tlum (380–780 nm) to 47.4% (from 25.1% to 37%) and an increase in Tsol of 66.9% (from 29.9% to 49.9%)
with a negligible decrease in ΔTsol from 11.6% to 10.7% compared with untreated films. The high
absorptance of oxygen vacancy defects can be reversed after Ar/O plasma irradiation and the rod-like
clusters are reconstructed, thereby forming a new lower packing density and moth-eye like interface
that may act similarly as an ‘anti-reflection coating’ [22]. Significant improvement has been realized by
our simple method of Ar/O plasma post-treatment, which proved to be an efficient alternative solution
compared with the former works that used AR coatings or doping methods [5–10,23–25].

4. Conclusions

In general, Ar/O plasma irradiation serves as an extra energy source that promotes oxidation
and surface migration of VO2 molecular groups prompting micro-structure reconstruction at the
VO2 interface. Clear evidence of enhancement in both phase transition performance and luminous
transmittance has been realized by appropriately controlling the Ar/O plasma irradiation process.
The long-term goal of this work is energy savings from smart-window optimization particularly
suitable for building glass or plastic substrates that cannot sustain the high temperatures present in the
annealing process. Opportunely, this universal method may also be extended to other situations for
which low-temperature, non-destructive, effective solutions are required for further refinements of
VO2 films.
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Abstract: Platinum is the most employed electrocatalyst for the reactions taking place in energy
converters, such as the oxygen reduction reaction in proton exchange membrane fuel cells,
despite being a very low abundant element in the earth’s crust and thus extremely expensive.
The search for more active electrocatalysts with ultra-low Pt loading is thus a very active field of
investigation. Here, surface-limited redox replacement (SLRR) that utilizes the monolayer-limited
nature of underpotential deposition (UPD) was used to prepare ultrathin deposits of Pt, using Te as
sacrificial metal. Cyclic voltammetry and anodic potentiodynamic scanning experiments have been
performed to determine the optimal deposition conditions. Physicochemical and electrochemical
characterization of the deposited Pt was carried out. The deposit comprises a series of contiguous
Pt islands that form along the grain interfaces of the Au substrate. The electrochemical surface area
(ECSA) of the Pt deposit obtained after 5 replacements, estimated to be 18 m2/g, is in agreement with
the ECSA of extended surface catalysts on flat surfaces.

Keywords: Pt thin deposits; galvanic displacement; UPD; SLRR; electrocatalysis

1. Introduction

Platinum is the most employed electrocatalyst for the reactions taking place in energy converters,
such as proton exchange membrane fuel cells, in particular for the oxygen reduction reaction (ORR)
taking place at the cathode side [1–3]. To enhance its surface area and reactivity, it is often used in
the form of nanoparticles. Nevertheless, a more effective utilization of platinum is crucial, due to
its low abundance in the earth’s crust and its high price [4]. Despite their advantages and proven
electroactivity, the search for more active electrocatalysts with ultra-low Pt loading highlights several
limitations of Pt nanoparticles [5]. Indeed, their ORR activity is related to particle size and the type
of exposed crystal planes [6]. Moreover, the limited interface between discrete nanoparticles and the
support means there is a tendency towards migration and agglomeration during fuel cell operations,
with a consequent loss of performance [7]. The development of nanostructured thin films [8] with
excellent activity and stability demonstrates the potential of Pt extended surfaces. Their conformal
morphology minimizes unused platinum, allowing for high ORR-specific activity [9] while preventing
electrochemical Ostwald ripening [10]. The preparation of Pt thin films to achieve ultra-low Pt loaded
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electrodes with high performance and stability is a challenge however, due to the complexity of several
fabrication techniques and the difficulty in tailoring thickness and continuity of the deposits [11–13].
For this purpose, electrochemical fabrication methods are often considered, due to their ease of
use and overall cost effectiveness [14–16]. Conventional overpotential electrodeposition results in
preferential growth at areas with high surface energy, such as step edges and surface defects, leading to
incomplete substrate coverage at low thicknesses and non-uniform deposits [17,18]. Surface-limited
redox replacement (SLRR) utilizes the monolayer-limited nature of underpotential deposition (UPD)
to form an atomic layer of a sacrificial metal, coupled with the galvanic displacement of this sacrificial
metal by the deposited metal [19]. This can be repeated over multiple cycles in order to allow for the
growth of films of desired thickness [20]. To date, SLRR has been utilized to deposit ultrathin conformal
films of Pt using Pb and Cu [21–25] as sacrificial metals. This led to incomplete deposition due to the
different oxidation state of the metal ions (two copper (II) or lead (II) exchanged for one platinum
(IV)). In this regard, tellurium can be a valuable alternative, as already demonstrated, for the formation
of Pt nanostructures further applied in electrocatalysis [26–28], since, based on the stoichiometric
relationship of the galvanic replacement reaction (Equation (1)), equivalent molar amounts of Pt atoms
are generated while Te ions dissolve in the solution.

Pt(IV)Cl62− + Te(0) + 3H2O → Pt(0) + Te(IV)O3
2− + 6Cl− + 6H+ (1)

The goal of this work was to investigate the deposition of Pt films on a model surface, such as a flat
gold substrate, by SLRR, using tellurium as sacrificial metal. After having optimized and maximized
the tellurium deposition and the Pt replacement, the Pt layers obtained after various numbers of cycles
were characterized by scanning electron microscopy (SEM), coupled with energy dispersive X-ray
spectroscopy (EDS), atomic force microscopy (AFM), inductively coupled plasma-mass spectrometry
(ICP-MS), and cyclic voltammetry.

2. Materials and Methods

2.1. Solutions and Chemicals

All chemicals were of analytical grade and were used as received. Aqueous solutions were
prepared using ACS reagents or higher-grade chemicals (Sigma Aldrich, Inc., St. Louis, MO, USA)
and ultrapure water (Milli-Q > 18.2 MΩ cm, Merck KGaA, Darmstadt, Germany). The tellurium oxide
solution was prepared with TeO2 (99.999%) and HClO4 as supporting electrolytes, with concentrations
of 10−3 M and 0.4 M, respectively. Hexachloroplatinic acid hexahydrate H2PtCl6 6H2O (ACS reagent,
≥ 37.50% Pt basis), 10−3 M, and HClO4 0.1 M were used as reagent and supporting electrolytes,
respectively. The supporting electrolyte HClO4 0.1 M was also used as a blank solution. The pH
of these solutions was 1.0. Before each series of measurements, solutions were freshly prepared,
magnetically stirred, and thoroughly out-gassed with high purity nitrogen gas (N2) for 30 min, in order
to flush out dissolved oxygen.

2.2. Electrochemical Studies

All electrochemical experiments were performed using a Solartron analytical Modulab
workstation and carried out using an electrochemical flow cell with three electrodes. An Ag/AgCl
(3 M NaCl) served as the reference electrode (AMETEK, Inc., Berwyn, PA, USA) and a platinum wire
(Sigma Aldrich, Inc., St. Louis, MO, USA) was used as the counter electrode. The working electrode
was a gold rotating disk electrode (RDE) (PINE instruments, Grove City, PA, USA). For the ICP-MS
analysis, a melted gold working electrode had been prepared and kept inside a resin, and the electrical
connection was assured with a copper wire. For the SEM-EDS and AFM measurements, gold substrates
(PHASIS, Inc., Plan-les-Ouates, Geneva, Switzerland) consisting of quartz slides coated with 200 nm
thick gold films (99.9%, pure), were used as working electrodes. Under the Au film, a thin (10 nm) Ti
under-layer was deposited to improve the adhesion of gold onto quartz.
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All electrochemical measurements were performed at room temperature (≈ 25 ◦C). All the
potentials in this paper are referring to the reversible hydrogen electrode (RHE). Pt electrochemical
surface area (ECSA) was evaluated using the hydrogen underpotential deposition region by integrating
the charge from 0.05 to 0.4 V vs. RHE, after the subtraction of the double layer capacitance and
assuming a charge density of 210 μC/cm2 for polycrystalline Pt [29].

2.2.1. Preparation of the Gold Electrode

Before the deposition, the gold electrode was polished mechanically with diamond powder (1 μm,
0.3 μm and 0.05 μm), then ultrasonicated in water for 5 min while the gold substrate was pretreated as
follows: it was first annealed at 350 ◦C for 18 h at 10−6 Torr in sealed glass tubes and then soaked in
hot nitric acid for 5 min.

The electrodes were then treated electrochemically using cyclic voltammetry (CV) in a blank
solution. To clean the working electrode, 40 cycles from −0.30 V to 1.65 V vs. RHE with a scan rate of
100 mV/s were performed until a reproducible voltammogram was obtained (Figure S1, Supporting
Information, SI).

2.2.2. Underpotential Deposition (UPD) of Te and Te Replacement by Pt

The electrochemical behavior of Te on bare gold and on platinum electrodes was studied from
a solution of TeO2 (Sigma Aldrich 99.99% purity, Inc., St. Louis, MO, USA) 1 mM in HClO4 0.1 M,
using cyclic voltammetry with various potential windows. The underpotential deposition (UPD) was
carried out in the potentiostatic mode. Following the Te underpotential deposition on a gold electrode,
the Te covered electrodes were rinsed in a blank solution of 0.1 M HClO4 and dipped into a 1 mM
H2PtCl6 6H2O + 0.1 M HClO4 solution at open circuit voltage (OCV), in order to form a Pt monolayer
via surface-limited redox replacement of tellurium. The Te deposition and its replacement by Pt were
progressively optimized, using results from cyclic voltammetry and anodic potentiodynamic scanning.

2.3. Characterization of the Pt Deposits

Several methods were used to provide evidence for and to quantify the presence of Pt on the
electrodes. First, X-ray diffraction (XRD) patterns after 5 cycles of Te UPD and Pt replacement were
recorded in a Bragg-Brentano configuration using a PANalytical X’Pert diffractometer (PANalytical,
Almelo, The Netherlands). The deposited layers were then observed using (i) an Oxford X-Max 50mm2

instrument (Oxford Instruments, Abingdon, Oxfordshire, England) equipped with energy-dispersive
X-ray spectroscopy analysis (EDS), (ii) and a Bruker Nanoscope Dimension 3100 atomic force
microscope (AFM, Bruker, Palaiseau, France). The AFM experiments were performed in the
tapping mode under ambient conditions. The cantilever tips were Silicon Point Probe Plus® NCSTR
(Nanosensors, Neuchâtel, Switzerland; force constant 6.5 N/m, resonance frequency 157 kHz). All the
image treatments were performed using Gwyddion [Czech Metrology Institute, Brno, Czech Republic,
open software, http://gwyddion.net/]. Inductively coupled plasma-mass spectrometry (ICP-MS)
analysis was used to quantify the amount of platinum deposited. In this case, the deposited films
were dissolved in 10 mL of aqua regia and the obtained solution was analyzed. In order to obtain a
sufficient amount of Pt for ICP-MS analyses, several cycles (3 and 5) of Te UPD and Pt replacement
were performed.

Finally, cyclic voltammetry in nitrogen saturated HClO4 0.1 M was carried out at a scan rate of
40 mV/s, to observe hydrogen UPD on Pt and evaluate from it its electrochemical surface area (ECSA).

3. Results and Discussion

3.1. Underpotential Deposition of Tellurium on Gold

Shown in Figure 1 is the cyclic voltammogram (CV) of the Au electrode immersed in tellurium
oxide solution, obtained after several consecutive voltammetry cycles, successively scanned from 1.2 V
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to various potential limits in the range 0–1.2 V vs. RHE at a scan rate of 40 mV/s. The shape of the
CV is comparable to that recorded during underpotential deposition of Te on gold in sulfuric acid
solutions by Suggs and Stickney [30].

Figure 1. Cyclic voltammetry (CV) of the gold substrate in a solution of 0.4 M HClO4 and 1 mM TeO2

(pH 1.0) at a potential sweep rate of 40 mV/s. (a) CV obtained by scanning the potential from 1.20 V to
0.00V vs. RHE; (b) CV obtained by scanning the potential from 1.20 V to progressively lower potential
limits (0.50 V, 0.45 V, 0.40 V, 0.35 V, 0.20 V, 0.15 V, 0.05 V and 0.00 V vs. RHE).

The reduction of TeO2 started at 0.7 V vs. RHE (peak C1), in agreement with previous work
attributing this reduction to the first tellurium UPD peak [31–34]. The second peak (C2), occurring at
the lower potential of 0.4 V vs. RHE, has also been already reported [32,33] and is referred to as the
second tellurium UPD, which is only partially resolved from the bulk reduction peak. It is known
that the UPD peak shape and potential strongly depend on the crystallographic plane on which it
occurs [35–37]. This can explain the slight shift between the UPD potential observed in this work,
and those reported in the literature [38].

Detailed CV analysis was performed to identify the location of the two UPD peaks and the
peak corresponding to bulk deposition by progressively extending the scanned potential region.
The cathodic potential was scanned from 1.2 V vs. RHE to various lower limit values (between 0.50 V
and 0.00 V vs. RHE), from which the anodic curves were recorded. The corresponding CVs are
displayed in Figure 1b.

A reduction peak C1 and an oxidation peak A1 are seen when the potential was scanned between
1.2 V and 0.5 V vs. RHE. When the potential limit decreases, the intensity of the A1 peak increases
and reaches its maximum for a limit value of 0.45 V. This observation suggests that C1 corresponds
to a UPD peak for Te, and A1 to its corresponding stripping peak [39]. When the limiting value of
the potential further decreases, an additional oxidative peak, A2, is observed. Its intensity increases
when the potential limit of the scan decreases, and reaches its maximum when the limit potential is
0.35 V. This suggests the presence of a second UPD peak, C2. When the limit potential value further
decreases, an additional reductive peak, C3, appears as well as its corresponding oxidative peak, A3.
The intensity of the A1 peak increases as the limit potential value decreases, while the intensity of the
peaks A2 and A3 remains constant. The peak C3 should be related to the bulk deposition. From these
observations we conclude that the total UPD of Te on gold is reached by using a deposition potential
of 0.35 V vs. RHE.

The linear sweep voltammetry (LSV) after UPD Te deposition (after polarization at 0.35 V vs. RHE)
was carried out for different durations (Figure S2, Supporting Information, SI). The deposition time
was thus optimized from these experiments, and 240 s was found to be the minimum time required
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to achieve a complete UPD. Beyond this duration, the stripping curves overlaid, indicating that the
maximum intensity of the stripping peak had been reached.

The [I-t] curve (Figure S3, Supporting Information, SI) recorded during the deposition at 0.35 V
vs. RHE shows that the signal stabilized after 240 s, which is in agreement with the LSV study.

In order to obtain the maximum amount of Te by UPD, and compare with the values reported
above (0.35 V and 240 s), a longer deposition duration (300 s) was adopted.

A longer deposition duration (300 s) was adopted in order to obtain the maximum amount of
deposited tellurium by UPD. In order to quantify the deposition in these conditions (0.35 V and 300 s),
the deposited layer was stripped by applying a potential at 0.35 V and, using the electric charge related
to the gold reduction (cf. Supplementary Information), the coverage of the electrode is estimated to be
0.87 monolayers (ML) for total UPD (C1 and C2) [36]. This demonstrates that the UPD deposition was
successful and that an almost complete film of tellurium on the gold surface was obtained.

3.2. Investigation of Te UPD on Platinum Electrode

The aim here was to perform a multilayer deposition of platinum (by galvanic displacement)
onto tellurium deposited by UPD. The possibility of further depositing tellurium onto the formed
platinum layer and continuing the successive cycles of UPD/galvanic displacement on it needs to be
assessed. For that, a study of Te UPD on a Pt flat electrode was performed and discussed. The same
experimental method was used as was for the Au working electrode, but using a Pt electrode instead.

Before the deposition, the Pt electrode was polished mechanically and then treated
electrochemically using cyclic voltammetry in a blank solution of 0.1 M perchloric acid. To clean
the electrode surface, 40 cycles from −0.05 V to 1.4 V vs. RHE with a scan rate of 100 mV/s were
performed until a reproducible voltammogram was obtained (Figure S4, SI).

Figure 2a shows cyclic voltammograms performed on Pt electrode in 1 mM of TeO2 with a scan
rate of 40 mV/s. While C1/C2 corresponds to the tellurium UPD, and the reduction of platinum oxide
to Pt, and A1 and A2 corresponds to their stripping peaks, C3 corresponds to the bulk reduction of Te
and A3 to its stripping peak.

Figure 2. Cyclic voltammograms performed on Pt electrode in 1 mM TeO2 + 0.4 M HClO4 solution
with a scan rate of 40 mV/s. (a) potential comprised between 1.60 V and 0.05 V; (b) potential from 0.9 V
to various cathodic potential limits (0.35 V, 0.30 V, 0.25 V, 0.25 V, 0.15 V and 0.10 V).

Since an overlap occurs between the Te UPD peak, C1/C2, and the peak of platinum oxide
reduction, the investigation of the Te UPD imposed to avoid high anodic potential (such as 1.6 V vs.
RHE as in Figure 2a), which led to the formation of the oxidized species. This can be achieved by
limiting the upper potential range to 0.9V vs. RHE, where the platinum oxidation does not occur

45



Nanomaterials 2018, 8, 836

(Figure 2b). Indeed, when the potential is scanned from 0.9 V to 0.35 V vs. RHE, only A1 appears
on the anodic curve. When the potential limit is below 0.35 V, the bulk A3 peak appears. Thus,
the underpotential deposition of tellurium on platinum has to be performed between 0.35 V and 0.30 V
vs. RHE. The experimental conditions for Te under potential deposition were chosen as E = 0.35 V and
t = 450 s. The voltammogram recorded in the range 0.05 V–1.55 V vs. RHE after Te UPD at 0.35 V for
450 s is shown in Figure 3 (full line plot) and compared to that obtained for the Pt electrode in 0.1 M
HClO4 (dotted line). The tellurium deposit totally inhibits H adsorption on the Pt surface, as observed
in the potential range between 0.40 and 0.05 V vs. RHE.

Figure 3. Steady-state voltammetric response of the Pt electrode in 0.1 M HClO4 (dotted line) and
first cycle profile after Pt electrode polarization in 1 mM TeO2 for 450 s at 0.35 V vs. RHE (full line),
sweep rate = 40 mV/s.

Using the electric charge related to the platinum reduction, the Te coverage of the electrode is
estimated to be 0.86 ML [40]. The UPD deposition of Te on Pt is thus effective.

3.3. Te Replacement by Pt

Following the Te underpotential deposition on bare gold, the Te film was galvanically exchanged
with platinum via SLRR. The atomic layer of Te was then oxidized while PtCl62− ions were reduced,
replacing the Te layer by a Pt layer. The time needed to obtain the highest replacement rate was been
determined from the I-t curve (Figure 4), and is 450 s.

Figure 4. Chronoamperometric curve of the galvanic replacement of Te by Pt at open circuit
voltage (OCV).
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3.4. Underpotential Deposition of Te onto Pt-Covered Gold Electrode and Subsequent Te Replacements by Pt

The voltammograms obtained on a Pt-covered gold electrode immersed in Te solution after
various numbers of replacements (from 1 to 5) are presented in Figure 5. The Au electrode was scanned
from 0.45 V to 0.05 V vs. RHE and then up to 0.87 V vs. RHE only, in order to avoid the oxidation of
the Pt layer obtained by the previous replacements. One can observe that the intensity of the Te UPD
peak increases with the number of replacements and that its potential (0.35 V vs. RHE) is similar to
that determined on a platinum bulk electrode (Section 3.2). This latter result is not surprising, since the
electrical resistivity of the Pt layer should be very low.

Figure 5. Cyclic voltammograms on Pt-covered Au electrode in 1 mM TeO2 with a scan rate of 40 mV/s
(after the number of replacements indicated in the figure).

The I-t curves (Figure 6) recorded during the successive replacements of Te with Pt show that
irrespective of the number of replacements, the signal stabilized after 450 s. All these results allow
us to define the following experimental conditions: E = 0.35 V and t = 300 s for the Te underpotential
deposition; E = OCV and t = 450 s for the Pt replacement.

Figure 6. I-t curves recorded at OCV during the Pt replacement of Te layer for various numbers
of replacements.
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3.5. Characterization of the Pt Film

The success of the Pt deposition was difficult to assess, due to (i) the ultra-low amount formed on
the electrode, which was extremely difficult to characterize, (ii) the impossibility of observing the Pt
deposit on the gold rotating disk electrode (RDE) directly. RDE was replaced by a 200 nm gold coated
quartz slide in a series of experiments of Te deposition and Pt replacement. The Au/quartz slides
were then cut in small pieces that could fit the chambers of the different characterization instruments.
No information could be obtained from X-ray diffraction, in agreement with the low amount of Pt
involved (diffractograms not shown here). Figure 7 shows the SEM image and EDS mappings of the
layer after 5 cycles of Te deposition and Pt replacement. They show the presence of Pt distributed
over the whole surface of the support. No Te could be detected, which demonstrates its effective
replacement by Pt (see the EDS spectra in Figure S5, Supporting Information, SI). The morphology of
the layer analyzed by AFM is shown in Figure 8, along with the morphology of the substrate. The latter
comprises gold grains of different shapes and dimensions. While the substrate is not completely
covered, it appears that the Pt tends to deposit at the gold grain interfaces easier than on the grain
surface, leading to a series of contiguous platinum islands formed along the Au-grain interfaces.

Figure 7. SEM image (a) and energy dispersive X-ray spectroscopy (EDS) mapping showing (b) Au
and (c) Pt chemical contrasts for the Pt layer deposited on the gold-coated glass slide after 5 cycles of
Te deposition and Pt replacement.

Figure 8. Atomic force microscopy (AFM) micrographs of (a) a bare Au-coated glass slide and (b) Pt
deposit on Au-coated glass slide.

The quantity of deposited Pt has been determined by ICP-MS analysis after 3 and 5 replacement
cycles. Taking into account the concentration given by the analyses (0.696 ppb and 3.339 ppb for 3
and 5 cycles, respectively), we conclude that 0.20 ML of Pt were deposited onto the electrode for 3 Te
replacements and 0.52 ML for five ones. No trace of tellurium was detected in the analyzed solutions.
This allows us to believe that the deposited tellurium has been replaced.
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Figure 9 presents a cyclic voltammogram recorded in the range 0.05–1.2 V vs. RHE after five
galvanic replacements on the Au electrode. The CV demonstrated the successful deposition of Pt,
exhibiting the three characteristic regions of this metal: the hydrogen adsorption/desorption peaks
in the potential range between 0.05–0.35 V vs. RHE, the double layer capacitance, and the Pt oxide
formation with the corresponding reduction [41]. It should be noticed that the CV presents a certain
distortion and asymmetry, probably due to resistive effects, because of the ultra-low amount of Pt and
thus difficult electrical connection of the electrode.

Figure 9. Cyclic voltammogram recorded in 0.1 M HClO4 on Au/Te electrode after five galvanic
replacements with Pt.

The electrochemical surface area (ECSA) of the Pt film obtained after 5 replacements was estimated
to be 18 m2/g. This value is in agreement with the ECSA of extended surface catalysts on flat surfaces
that in general is lower than that of the corresponding nanoparticles, but gives rise to higher specific
activities [42].

The aim of the present work was to investigate the feasibility of ultra-thin Pt deposits by
successive cycles of tellurium underpotential deposition and its subsequent replacement with platinum
by galvanic displacement. To date, up to five cycles have been achieved, which allowed us to
demonstrate the successful replacement of Te by platinum. While the coverage is not complete,
platinum deposits along the Au-substrate grains in the form of contiguous islands, a feature that is
looked for, since sintering should be energetically unfavourable and the oxide-dissolution mechanism
leading to Pt loss should also be reduced. The low ECSA argues for flat Pt islands, again a feature that
is looked for, since it should give rise to enhanced specific activities.

On the whole, these first results are encouraging and pave the way to the deposition of ultra-thin
Pt layers for utilization as catalysts in electrochemical energy conversion devices. To reach the final
goal of a high mass activity, combining high specific activity (presence of active sites) and high ECSA
(presence of available surface), the deposition of thin films here reported for a model surface will be
extended to nanostructured supports. The mechanical properties such the elastic modulus and the
residual stress will then be studied, since they might affect the adhesion of the deposit on the substrate,
a major concern when dealing with flexible supports or even free-standing films [43,44].

4. Conclusions

In this work, we studied the deposition of Pt atomic layers onto gold substrate. The deposits were
performed by successive cycles, each one consisting in Te underpotential deposition and subsequent Pt
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replacement of Te by galvanic displacement. The optimal conditions for the underpotential deposition
of Te (E = 0.35 V and t = 300 s) on gold and platinum electrodes as well as those for the Pt replacement of
Te (OCV for 450 ms) were determined using cyclic voltammetry and anodic potentiodynamic scanning.

The deposited Pt was characterized by scanning electron microscopy coupled with energy
dispersive X-ray spectroscopy, atomic force microscopy, inductively coupled plasma-mass spectrometry
and cyclic voltammetry. It demonstrated a deposition from 0.2 to 0.5 monolayers of the noble metal,
in the form of Pt contiguous islands that form at the substrate Au-grain interfaces preferentially.

The surface-limited redox replacement applied in this work on a model flat gold surface
demonstrated to be an effective and straightforward method to obtain platinum ultra-thin deposits.
The next step will be its application on electrocatalyst supports used in proton exchange membrane fuel
cells, to further validate the possibility of tuning the thickness and ensuring a conformal morphology
on more complex structures.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/10/836/s1.
Figure S1: Cyclic voltammogram of the Au electrode in 0.1 M HClO4 at a scan rate of 100 mV/s, Figure S2: Linear
sweep voltammetry after tellurium UPD deposition for various times of deposition at 0.35 V vs. RHE. (a) peak
A1; (b) peak A2, Figure S3: Cyclic voltammogram of the Pt electrode in 0.1 M HClO4 at a scan rate of 100 mV/s,
Figure S4: Cyclic voltammogram of the Pt electrode in 0.1 M HClO4 at a scan rate of 100 mV/s, Figure S5: EDS
spectra of (a) bare Au-coated glass slide and (b) Pt deposit on Au-coated glass slide. Red arrows indicate the
expected position of Te peaks, showing the absence of the element in the layer.
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Abstract: Continuous thin platinum nanoplatelet networks and thin films were obtained on the flat
surface of highly ordered pyrolytic graphite (HOPG) by high overpotential electrodeposition. By
increasing the deposition time, the morphology of the Pt deposits can be progressively tuned from
isolated nanoplatelets, interconnected nanostructures, and thin large flat islands. The deposition
is surface-limited and the thickness of the deposits, equivalent to 5 to 12 Pt monolayers, is not
time dependent. The presence of Pt (111) facets is confirmed by High Resolution Transmission
Electron Microscopy (HRTEM) and evidence for the early formation of a platinum monolayer is
provided by Scanning Transmission Electron Microscopy and Energy Dispersive X-rays Spectroscopy
(STEM-EDX) and X-ray Photoelectron Spectroscopy (XPS) analysis. The electroactivity towards the
oxygen reduction reaction of the 2D deposits is also assessed, demonstrating their great potential in
energy conversion devices where ultra-low loading of Pt via extended surfaces is a reliable strategy.

Keywords: electrodeposition; platinum; highly oriented pyrolytic graphite; 2D growth; thin films

1. Introduction

Carbon-supported platinum electrocatalysts are employed in the electrodes of Proton Exchange
Membrane Fuel Cells (PEMFCs), but due to the scarcity of platinum and its cost [1], efforts to reduce
the noble metal loading have driven research towards the development of strategies maximising its
utilisation [2], including metal@platinum core@shell nanoparticles [3], platinum nanostructures [4] and
thin films [5]. Several methods such as Atomic Layer Deposition (ALD) [6,7], Pulsed Laser Deposition
(PLD) [8], Surface-Limited Redox Replacement (SLRR) [9], and Magnetron Sputtering (MS) [10] allow
the preparation of extended Pt surfaces on various supports including carbon [11].

Electrodeposition of Pt in galvanostatic and potentiostatic modes is conventionally characterized
by the 3D growth of platinum, which forms spherical, or flower-like, agglomerates [12–14]. Achieving
the formation of thin Pt structures via electrodeposition therefore represents a real challenge. We
recently observed that pulsed electrodeposition at high overpotentials can produce crystalline
nanoplatelets on carbonaceous surfaces. Thin 2D Pt nanoplatelets were grown on electrospun
carbon fibres and on nanotubes developed from their surfaces, and the resulting materials were
evaluated as electrocatalysts for the Oxygen Reduction Reaction (ORR) in the cathode of a PEMFC,
demonstrating enhanced exploitation of the noble metal [15,16]. Such nanofibres and nanotubes
do not lend themselves to in-depth investigations using advanced microscopies, and so to further
our understanding of this high overpotential electrodeposition method we turned our attention to
the model surface of Highly Ordered Pyrolytic Graphite (HOPG), and herein describe our findings.
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The aim is to investigate the process occurring on a flat carbon surface at the nanoscale, leading to
the formation of crystalline nanoplatelets, interconnected nanostructures, and thin films. To achieve
deposition with a single nucleation step, followed by increasing Pt growth for better insights into
the deposit formation process, the electrodeposition approach developed in our previous work was
modified to consider only a single potential pulse of varying duration. The choice of HOPG as a model
surface is due to its relative flatness as well as to its structural similarity to the graphitized regions of
the surface of the carbon nanofibers and nanotubes that inspired this work [15,16]. Furthermore, the
possibility of exfoliating HOPG to obtain graphene layers [17], which can be further catalysed with
platinum, will open novel perspectives of applications.

While studies of platinum electrodeposition on various carbonaceous surfaces have been
reported [18–20], it appears that the process has been investigated mainly for slight overpotential
conditions and not at the very high overpotentials (i.e. in the region of strong H2 evolution) that are the
conditions chosen here. It was previously reported that interconnected Pt structures can be obtained
by applying an overpotential of −500 mV vs. SCE (−259 SHE) [21,22]. Such a high overpotential could
in principle force two-dimensional growth in through underpotential deposition of hydrogen (Hupd)
on the Pt surface, which prevents or impedes diffusion of the Pt precursor towards the surface of
the newly electrodeposited Pt layers [23]. Spontaneous deposition of Pt agglomerates, nanoparticles,
and networks on HOPG was induced from water as well as non-aqueous polar solvents [24–26] and
was explained in terms of the reduction of Pt by oxidized defect sites on the surface and step-edges [24].
However, the mechanism appears to be more complex, involving not only graphite step-edges, but also
hydrogenated sites [27,28]. As a consequence, Pt nuclei may be already present before the application
of the overpotential to the electrode [28].

In this paper, we investigate the effect of a high overpotential single-pulse length on the
morphology and crystal structure of the Pt deposits on the flat model carbon surface HOPG for better
insights on the deposition mechanism and 2D growth of extended metal surfaces using microscopy
and surface analysis techniques.

2. Materials and Methods

Highly Oriented Pyrolytic Graphite (HOPG, ZYH grade, 12 mm × 12 mm from Veeco-Bruker,
Camarillo, CA, USA) was used as the working electrode in a two-electrode cell, and a 5 cm × 5 cm
graphite sheet (Goodfellow) was used as the counter-shorted reference electrode (RE/CE). The working
electrode assembly was masked with Kapton® tape (RS Components SAS, Beauvais, France), leaving
a 6 mm × 6 mm HOPG surface exposed to the precursor solution, and the HOPG back-plate was
connected with a platinum wire to the potentiostat (Bio-Logic® SP300, Bio-Logic SAS, Seyssinet-Pariset,
France). Electrodeposition experiments were performed at −3 V vs. RE/CE (measured to be equivalent
in the same cell geometry to −1.9 V vs. Ag/AgCl) for various duration times (from 5 to 200 s), followed
by 60 s at open circuit voltage (OCV). The deposition solution was a solution of 3 mM hexachloroplatinic
acid hexahydrate (≥99.9% trace metal basis) and 0.5 M sodium chloride in MilliQ water (18 MΩ cm).
All chemicals were provided by Sigma-Aldrich, St. Louis, MO, USA. An iR correction was performed
before each electrodeposition step with the typical electrical resistance being in the range 10–20 Ω;
the distance between the electrodes was fixed at 5 cm. Before electrodeposition, the solution was
cooled to ~4 ◦C in an ice bath and purged with nitrogen to remove the dissolved oxygen. During the
deposition, the precursor solution was stirred at 900 rpm to remove the hydrogen bubbles that evolve
on the surface of the HOPG and to limit the thickness of the precursor diffusion layer. Prior to any
characterization, the deposited sample was thoroughly rinsed with MilliQ grade water. Tapping Mode
Atomic Force Microscopy (TM-AFM) images were acquired with a Bruker Nanoman (Bruker SAS,
Palaiseau, France) driven by Nanoscope 5 electronics. The cantilever tips were Silicon Point Probe
Plus® NCSTR (Nanosensors, Neuchâtel, Switzerland; force constant 6.5 N/m, resonance frequency
157 kHz). All the image treatments and the thickness measurements were performed using WSxM 4.0
Beta 8.2 [29] and the resulting data were treated with the Fityk software [30] to correct the background.
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Particle size measurements and Fast Fourier Transforms were performed with ImageJ 1.48 v (U. S.
National Institutes of Health, Bethesda, MD, USA). High Resolution Transmission Electron Microscopy
(HRTEM), Scanning Transmission Electron Microscopy (STEM) micrographs and Energy Dispersive
X-rays Spectroscopy (EDX) data were obtained with a JEOL 2200FS (Source: FEG) microscope (JEOL
Europe SAS, Croissy-sur-Seine, France) operating at 200 kV and equipped with a CCD camera Gatan
USC (16 MP; Gatan, Evry, France). The samples were prepared by carefully peeling away flakes of
HOPG and depositing them onto a Cu grid with a drop of silver paste. Scanning electron micrographs
were acquired by Field Emission-Scanning Electron Microscopy (FE-SEM) using a Hitachi S-4800
microscope (Hitachi Europe SAS, Velizy, France). The surface composition of the samples was
investigated by X-ray Photoelectron Spectroscopy (XPS) on an ESCALAB 250 (Thermo Electron,
Villebon Sur Yvette, France). The X-ray excitation was provided by a monochromatic Al Kα (1486.6 eV)
source, and the analysed surface area was 400 μm2. A constant analyser energy mode was used for
the electron detection (20 eV pass energy). Detection of the emitted photoelectrons was performed
perpendicular to the surface sample. Data quantification was performed on the Avantage software
(Thermo Fisher Scientific, Waltham, MA, USA), removing the background signal using the Shirley
method. The surface atomic concentrations were determined from photoelectron peaks areas using
the atomic sensitivity factors reported by Scofield. Binding energies of all core levels are referenced
to the C–C bond of C 1s (284.8 eV). Linear sweep voltammetry (LSV) was performed at 20 mV s−1

in O2 saturated 0.1 M HClO4 on a Bio-Logic® SP300 potentiostat (see above); the working electrode
was an HOPG-Pt sample connected to the potentiostat with a Pt wire, while the counter electrode
was a graphite rod (Alfa Aesar, Heysam, UK) and reference used was an Ag/AgCl electrode (Fisher
Scientific, Illkirch, France; E = 0.197 V vs. NHE). The potentials in the manuscript were reported
vs. NHE.

3. Results and Discussion

3.1. TM-AFM Analysis

Tapping Mode Atomic Force Microscopy (TM-AFM) images of electrodeposited Pt samples
prepared with different pulse durations are shown in Figure 1, together with their thickness and
diameter distributions.

Only separate Pt nanoplatelets were visible for a 5 s deposition time, while thin Pt networks
started to clearly form after a 10 s deposition, and progressively covered the surface of the HOPG
substrate up to 40 s and, at 200 s, thin large flat Pt islands were fully formed. Larger agglomerates
of Pt were also present along all the samples, whatever the pulse duration, possibly formed either
during the open circuit voltage (OCV) step of the electrodeposition process or as a result of H2-induced
precipitation [23]. The Pt morphologies resulting from the application of this overpotential method
in the range 5–40 s appear to be partially similar to previous reports, but they clearly show that the
substrate surface is progressive covered with a network of interconnected flat Pt nanostructures of low
thickness [21,22]. An increase of the degree of interconnection of the Pt nanoplatelets is clearly visible
with an increase in deposition time. A general trend can be derived for the sample series, however one
might take into account a certain intra-sample inhomogeneity.

As shown in Figure 2a and Table 1, the thickness of the Pt nanoplatelets only slightly changed
with deposition time. Most of the nanoplatelets did not grow over 4 nm in thickness even at longer
deposition times (Table 1), with the average being comprised between 1.0 and 2.5 nm (equivalent to 5
to 12 Pt monolayers). Pt deposits with comparable thickness and diameter were reported for slight
overpotential conditions and shorter times as well, but there was no evidence of interconnected or
extended surface structures [31].

55



Nanomaterials 2018, 8, 721

Figure 1. TM-AFM images of Pt on HOPG electrodeposited at different pulse times (left, scale bars are
200 nm) with the respective thickness and diameter bivariate distributions (right).
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Figure 2. Dependence of average Pt nanoplatelets thickness (with standard deviation) (a) average Pt
nanoplatelets diameter (with standard deviation). (b) and percentage of covered surface. (c) on the
deposition time. The sample obtained with a 200 s pulse is not included for clarity (see Table 1).

Table 1. Dependence of average thickness and diameter of the electrodeposited Pt nanoplatelets on
the deposition time. Surface coverage percentage was calculated on the AFM micrographs shown
in Figure 1.

Sample Thickness (nm) Diameter (nm) Surface Coverage (%)

5 1.24 ± 0.52 22.8 ± 6 8.7
10 0.87 ± 0.27 23.4 ± 6 31.4
15 0.98 ± 0.36 25.8 ± 6 46.5
40 0.97 ± 0.25 20.1 ± 5 70.7

200 1.82 ± 0.52 72.0 ± 69 44.9

Similarly, the average nanoplatelet diameter did not vary greatly with the deposition time
(Figure 2b) and the size distribution is reasonably similar for all the samples (Figure 1). Although the
diameter of the platinum islands is comparable to some reported for other overpotential conditions [32],
the present high overpotential conditions lead to a distinct geometry in that the diameter is roughly
20 times the thickness for samples in the 5–40 s time interval, confirming the presence of flat
nanoplatelets and thus two-dimensional growth.

The percentage of surface coverage increases with the deposition time (Figure 2c), indicating
a surface-limited electrodeposition in the range 5–40 s. The sample prepared with 200 s deposition
duration presented different values both for size distribution and dimension ratio due to its clear
film-like morphology, dissimilar to the interconnected networks observed at shorter deposition times.
It should be noticed that the obtained morphologies and trends are reproducible, while the current
densities obtained for Pt electrodeposition can be slightly different from one sample to another. This is
due to the different conditions of the HOPG surface exposed by cleavage of the C–C stacking [28].
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Different overpotential conditions may affect the aspect of the resulting Pt deposit,
and phenomena such as secondary nucleation, surface diffusion, and coalescence should be taken into
account to explain the formation of the different structures and morphologies [32]. The supporting
electrolyte also takes part in the Pt growth mechanism and in determining the final morphology of
the resulting deposit [22,33], its role depending on the concentration, and on the applied potential.
In this work, a chloride supporting electrolyte was chosen for compatibility with the Pt precursor
(H2PtCl6) possibly releasing the same anion. The 0.5 M NaCl solution provided a high concentration
of Cl− anions that may adsorb on the surface of the newly formed Pt structures, preventing further
Pt atoms from depositing and growing in a three dimensional way [21,33]. Simultaneous adsorption
of H and Cl species on Pt could also occur, possibly synergistically [34,35], or competitively, with the
possibility also that at high overpotential only protons are adsorbed [36]. Adsorbed anions may also
be partially responsible for the smaller Pt particles migrating from one active site to another or to other
Pt surfaces [22,37]. This phenomenon may represent a possible or at least partial explanation for the
presence of large Pt agglomerates in these samples. In the very high overpotential conditions used in
this work, it is likely that no Cl− is adsorbed on the Pt surfaces, due to the strong evolution of gaseous
H2. The substrate also plays a role in Pt growth. Indeed, spontaneous electroless deposition on HOPG
has been observed from Pt solutions, indicating the presence of metal seeds before the overpotential
electrodeposition. The reducing agents for this spontaneous deposition are likely HOPG step edges
that get oxidized in solution [28].

3.2. Electron Microscopy Analysis

High resolution transmission electron microscopy (HRTEM) micrographs of a Pt on an HOPG
sample electrodeposited using a 15 s pulse were acquired to confirm the chemical nature and
morphology of the deposit (Figure 3). The dimensions of the nanoplatelets were around 10 nm.
The Fast Fourier Transform (FFT) analysis on selected areas of the TEM image, shown in Figure 3,
presents three regions denoted A, B, and C with different d-spacings for the regions where carbon (A)
and platinum (B) were clearly distinguishable.

In region A, only a single maximum at 0.21 nm is observed, comparable with the d-spacing of the
(011) plane of graphite (0.2031 nm in JCPDS 96-901-2231). Region B clearly corresponds to a Pt platelet
with a marked contrast over the carbon background. Indeed, in this region, a d-spacing of 0.23 nm
was measured, fully compatible with that of the (111) facet of Pt (0.2299 nm in JCPDS 96-151-2257). In
region C, no clear contrast nor evidence for platinum is visible from the TEM image. However, the FFT
displays 3 maxima (one of 0.21 nm and two of 0.23 nm) demonstrating the presence of an extremely
thin platinum layer, which was further corroborated by use of other techniques. Thus, to seek further
evidence for the presence of Pt layers in areas where no obvious contrast was visible by imaging only,
Energy Dispersive X-ray Spectroscopy (EDX) spectra on a Scanning Transmission Electron Microscopy
(STEM) micrograph were recorded. Similarly to a previous report [38], local elemental analysis was
performed on three different morphological features (Pt aggregate, Pt nanoplatelet and apparently
bare HOPG) situated in another area of the same sample of Figure 3. The EDX spectra of the three
zones highlighted in Figure 4 unquestionably show a Pt signal (Figure 4, inset) also in areas where
no Pt nanoplatelets are visible by STEM. To conclude, the electron microscopy results depicted in
Figures 3 and 4 provide complementary evidence for the presence of electrodeposited Pt all over the
HOPG surface, demonstrating the early stage formation of a continuous ultra-thin electrodeposited
Pt layer.
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Figure 4. STEM micrograph of a flake of HOPG decorated with Pt aggregates (�) and Pt nanoplatelets
(�); the comparison of their EDX spectra with the apparent bare surface of HOPG (Δ) is reported in
the inset.

3.3. XPS Characterization

Surface analysis by X-ray Photoelectron Spectroscopy (XPS) was performed on a sample
electrodeposited for 200 s both to further endorse the deposition of platinum, as well as to determine
its oxidation state (Figure 5). The A bands of the Pt doublet observed on the sample (Pt 4f7/2 at 71.3 eV,
Pt 4f5/2 at 74.6 eV) correspond to metallic Pt deposited on the HOPG surface. Additional contributions
of B bands (72.2 and 75.5 eV respectively) were detected and related to the presence of oxidized forms
of Pt, such as PtOads and/or Pt(OH)2 [39]. The deconvolution of the Pt 4f doublet peaks indicates that
Pt0 is the majority species (73.6% of the total signal, comparable to Pt freshly electrodeposited onto
graphite substrates previously reported [40]), rather than ionic Pt, which confirms the predominant
metallic nature of the deposit and thus the suitability of the technique to prepare catalytically active Pt
thin films.
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Figure 5. Survey XPS spectrum of a HOPG-Pt sample deposited for 200 s (a) and high-resolution
spectrum of the Pt 4f region with peaks deconvolution (b).

The resulting Pt 4f spectrum is consistent with those reported for Pt films on HOPG with different
thicknesses prepared by sputtering [41,42]. It is known that a Pt film thicker than 0.1 Å can already
produce an XPS profile with two differentiated peaks, and since the sample prepared in this work also
presented some Pt aggregates, the spectrum is the result of the presence of both 2D and 3D structures.

3.4. Electrocatalytic Activity

To assess the catalytic properties of the electrodeposited metal towards the oxygen reduction
reaction (ORR), an HOPG-Pt sample deposited for 200 s was analyzed in O2 saturated 0.1 M HClO4 in
a classical three-electrode configuration (scan from 1.2 to 0.3 V vs. NHE). The linear sweep voltammetry
(LSV) shown in Figure 6 demonstrates that the deposited Pt0 is active, with an onset potential of ca
0.98 V vs. NHE. No reliable mass activity values could be derived due to the experimental conditions
that are far from steady-state.

Figure 6. LSV of a HOPG-Pt sample electrodeposited for 200 s in O2 saturated 0.1 M HClO4 at 20 mV
s−1.

4. Conclusions

In conclusion, Pt nanoplatelet networks and Pt thin films were deposited on HOPG by high
overpotential electrodeposition with a morphology that depends on pulse duration. The Pt networks
formed using 5–40 s pulses comprised of extended islands of average thickness of 1 nm that were fairly
homogeneous in diameter (20 times the thickness). Ultra-thin (<2 nm) Pt films are formed at a longer
pulse time, 200 s, in which the exposed surfaces are Pt (111) facets. HR-TEM and XPS analysis confirm
the metallic nature of the platinum deposit. These greater insights on the morphology of Pt structures
deposited at high overpotential could only be obtained on a model carbon surface such as HOPG and
will now serve to achieve complete formation of conformal and continuous ultra-thin Pt films on other
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carbonaceous surfaces (e.g., nanofibers, nanotubes, etc . . . ) of applicability in energy conversion, such
as the development of ultra-low platinum loaded fuel cell electrodes.
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Abstract: We discuss the electrodeposition of two-dimensional (2D) Pt-nanostructures on Highly
Oriented Pyrolytic Graphite (HOPG) achieved under constant applied potential versus a Pt
counter electrode (Eappl = ca. −2.2 V vs. NHE, normal hydrogen electrode). The deposition
conditions are discussed in terms of the electrochemical behavior of the electrodeposition precursor
(H2PtCl6). We performed cyclic voltammetry (CV) of the electrochemical Pt deposit on HOPG
and on Pt substrates to study the relevant phenomena that affect the morphology of Pt deposition.
Under conditions where the Pt deposition occurs and H2 evolution is occurring at the diffusion-limited
rate (−0.3 V vs. NHE), Pt forms larger structures on the surface of HOPG, and the electrodeposition of
Pt is not limited by diffusion. This indicates the need for large overpotentials to direct the 2D growth
of Pt. Investigation of the possible effect of Cl− showed that Cl− deposits on the surface of Pt at
low overpotentials, but strips from the surface at potentials more positive than the electrodeposition
potential. The CV of Pt on HOPG is a strong function of the nature of the surface. We propose that
during immersion of HOPG in the electrodeposition solution (3 mM H2PtCl6, 0.5 M NaCl, pH 2.3)
Pt islands are formed spontaneously, and these islands drive the growth of the 2D nanostructures.
The reducing agents for the spontaneous deposition of Pt from solution are proposed as step edges
that get oxidized in the solution. We discuss the possible oxidation reactions for the edge sites.

Keywords: electrodeposition; platinum; highly oriented pyrolytic graphite; 2D growth

1. Introduction

The use of Pt is of interest in many renewable energy applications, namely, in the use of
technologies that convert chemical energy to electricity, such as proton exchange membrane fuel cells
(PEMFCs). Because of the low abundance and high cost of this noble metal, research has centered on
the use of Pt nanostructures on a highly conducting and porous support, conventionally carbon black,
with the goal of using a minimum loading while preserving high electroactivity towards the oxygen
reduction reaction (ORR, the sluggish reaction taking place at the cathode side) and long-term stability.
The strategies to minimize the Pt amount call for a shift from monometallic nanoparticles (NPs) to the
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use of nano-engineered architectures with tailored morphologies and compositions [1,2]. For instance,
bi- or tri-metallic particles, alloys [3–6] and successively de-alloyed [7] structures where Pt is associated
with other transition metals (e.g., Ni, Co, Cu) have been prepared and demonstrated high ORR activity
and durability. Another very promising class of tailored electrocatalysts is represented by core@shell
nanostructures with a thin Pt skin covering a transition metal core in 0D (particle-like) [8–10] and 1D
(fiber-like) morphologies [11–17]. The advantage of a Pt thin layer morphology on other non-metallic
supports (carbon, polymers) has been extensively demonstrated to maximize Pt exploitation by
minimizing the contribution of edge/corner sites and to enhance its stability by circumventing any
possibility of nanoparticle aggregation [18–20]. In particular, Pt extended surfaces deposited on high
aspect-ratio materials such as nanofibers [19,21] and whiskers [22] presented exceptional increase of
the ORR specific activity, which was kept after prolonged electrochemical cycling. Among the methods
being investigated to produce Pt conformal thin films, atomic layer deposition (ALD), electrochemical
atomic layer deposition (EC-ALD), pulsed laser deposition, surface-limited redox replacement (SLRR),
galvanic displacement [18,21,23,24] and other vacuum techniques, such as magnetron sputtering are
employed [25].

The goal of electrodepositing Pt extended surfaces in a continuous and conformal fashion on the
support is complicated by the fact that the 3D growth of this metal is favored with the formation of
dendrites [26] and flower-like agglomerates. It was previously reported that it is possible to prepare Pt
thin films on flat metallic Au surfaces via a self-limiting electrodeposition process performed at high
overpotential [27]. More recently, some of us reported the electrodeposition of thin Pt nanostructures by
pulsing the electrodeposition at high overpotentials on carbon fiber webs obtained by electrospinning of
precursor solutions [19,28]. The material obtained was determined to be 2D contiguous Pt nanoplatelets.
The resulting self-supported nanofibrous electrode (NFE) was demonstrated to be an efficient and
stable ORR material. The understanding of the mechanistic aspects that yield the electrodeposition of
a Pt thin film on a carbonaceous model surface, such as Highly Oriented Pyrolytic Graphite (HOPG),
is crucial for the deposition of ultra-low and continuous coverage of Pt on carbon supports of different
morphology and porosity [29].

In this paper, we focus on the study of the electrodeposition step in the first cycle of the
electrodeposition sequence (200 s). We address the mechanistic aspects that direct the growth of
a 2D film of Pt on HOPG as a model for the deposition of Pt on carbon. The effect of electrolyte
concentration and potential on Pt morphology has been recognized for some time [30], and studies
include the use of HOPG in mechanistic studies [30–32]. However, up to now, the electrodeposition
of Pt has been studied at much lower overpotentials than those used in this work. Penner and
coworkers proposed the electrodeposition of Pt nanoparticles with homogeneous size distribution [30].
Simonov et al. [33] revised the conventional model of nucleation and growth [26] and distinguished (i)
a primary nucleation of Pt on the substrate, (ii) a secondary nucleation around the Pt deposits, and (iii)
the growth phase around the Pt deposits. Here we present evidence that spontaneous deposition of
Pt when the HOPG substrate immersed at open circuit, that is, without an external current flowing
through the substrate, is a critical initial step. The initial stages of Pt deposition continue to be the
subject of investigation because they are thought to control the deposition process. For Pt on HOPG,
the spontaneous deposition of Pt has been observed before [30,32,34–36] and although the process is not
well understood, it can nonetheless control the size and distribution of the Pt nanostructures deposited
during a subsequent potentiostatic step. Zoval et al. first reported this electroless deposition of Pt [30],
which led to a decrease in the reproducibility of electrodepositing Pt NPs on HOPG. They used an
anodic potential step (ca. 0.8 V vs. NHE for 1 min) to prevent the spontaneous deposition of Pt at
open circuit potential (OCP) before the potentiostatic NP deposition. They reported that the oxidizing
treatment prevented the spontaneous deposition of Pt at OCP and made the Pt NPs deposited during
the subsequent potentiostatic step more homogenous.

Similarly, Lu and Zangari [31] applied an anodic treatment to the substrate to isolate the nucleation
and growth during electrodeposition from the electroless deposition of Pt. Later, they addressed the
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spontaneous deposition of Pt from a 1 mM H2PtCl6 solution without additional excess electrolyte and
in 0.1–0.2 M HCl. They found that the Pt deposits preferentially on edges although it can also deposit
on terraces, regardless of the use of electrolyte. The Pt islands from the spontaneous process lead to
dendritic growth of Pt, and thus, they used an oxidation pretreatment (1 V vs. NHE for 2 min) for the
HOPG to avoid the spontaneous deposition and to obtain monodispersed Pt NPs [32]. Arroyo-Gómez
and García [34] showed that the NPs cover the HOPG surface completely in a solution of 1 mM H2PtCl6
+ 0.05 M H2SO4. Under these conditions, without excess Cl-, the precursor hydrolyzes quickly [31,33]
at RT. Initially, the Pt deposits on edges and at longer times the deposition occurs on the terraces along
with larger Pt particles on the surface. After 2 h of immersion the substrate electrocatalytic activity
approached that of bulk Pt. The electroless process occurs with [30] or without excess electrolyte [32]
(Cl− [30] or SO4

2− [34]) and in a nonaqueous electrolyte containing chloride (2.5 mM H2PtCl6 + 80 mM
Et4NCl in CH3CN) [35]. In the nonaqueous electrolyte, oxidizing the HOPG surface before immersion
in the Pt solution yielded a more uniform NP electrodeposit.

Since the original report, the observation that oxidizing the substrate minimizes the spontaneous
deposition of Pt/HOPG has led to the conclusion that a partially oxidized site on the surface
is the reducing agent. This reducing agent has been ascribed to defects [30], oxidized [30] and
hydrogenated [37] sites on the carbon surface. However, there are no reports on the half oxidation
reaction that reduces the Pt precursor. Interestingly, the electrochemical papers lack X-ray photoelectron
spectroscopy (XPS) studies of the surface oxidation and, to get insight into the half reactions, we look
at the surface energies and composition studies of the spontaneous deposition of Au on HOPG from
solutions [38–40]. Here, we propose that edge sites oxidize sequentially to C–OH and C=O groups,
based on analogous studies for the deposition of Au on HOPG to produce gas-phase catalysts and our
own results that see preferential deposits on the edges, in agreement with previous reports [32,34,35].
We address the effect of the initial electroless deposition of Pt on the formation of 2D nanostructures
on HOPG. We point out that in the previous reports, the focus was to electrodeposit NPs, but our goal
is the production of a conformal film. Despite evidence that the spontaneous deposition of Pt occurs,
we do not see dendritic growth, which indicates that another process limits the growth of the initial
deposits. Therefore, we discuss both stages of the Pt deposition, the potentiostatic mode that grows
the 2D deposit and the initial electroless deposition.

2. Materials and Methods

Reagents and Materials: HOPG (ZYH grade, 12 × 12 mm from Veeco-Bruker, Camarillo, CA,
USA) was used as the working electrode in a two or three electrode cell. The working electrode was
freshly exfoliated before every electrochemical experiment and immediately masked with Kapton®

tape (RS Components SAS, Beauvais, France). The electrode area exposed to the solution was typically
6 × 6 mm. The backside of the HOPG was taped to a Pt wire or Cu tape, keeping the solution
from being exposed to the Pt or Cu. All the reagents used are of analytical grades and used without
purification: H2PtCl6 (ACS reagent, 37.50% Pt basis) and NaCl were purchased from Sigma-Aldrich
(St. Louis, MO, USA). All aqueous solutions were prepared in 18 MΩ·cm water.

Characterization: The samples were characterized with tapping mode atomic force microscopy
(TM-AFM). A Bruker Nanoman AFM instrument (Bruker SAS, Palaiseau, France) with a Nanoscope
5 controller was equipped with the following tips: a silicon Point Probe Plus (Nanosensors, Neuchâtel,
Switzerland) with 6.5 N/m force constant and f = 157 kHz resonance. The images were processed with
Gwyddion version 2.44 (Czech Metrology Institute, Brno, Czech Republic) both for image flattening
and thickness measurements.

Electrochemical Measurements: Oxidation currents were positive following the IUPAC
convention. Experiments were performed with either a Bio-Logic® SP 300 (Bio-Logic SAS,
Seyssinet-Pariset, France) potentiostat (2 channels configuration) or a CH Instruments CHI 760D
and 700D workstation (CH Instruments Inc., Austin, Texas, USA). The working electrode was usually
an HOPG setup, although some controlled experiments were performed with a 1.6 mm Pt disk
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electrode. The counter electrode was either a graphite sheet (5 × 5 cm) glassy carbon sheet or a
graphite rod (Alfa Aesar, Heysam, UK). We did not use Pt CE in experiments performed in Pt-free
solutions. The reference electrode was an Ag/AgCl reference electrode (Fisher Scientific, Illkirch,
France; E = 0.197 V vs. NHE) used with a bridge filled with 0.5 M NaCl with the pH adjusted to
2.3, as in the electrodeposition solution. The standard rate constants, k0 were determined by fitting
experimental data to an electrochemical mechanism [41]. The linear sweep voltammograms (LSVs)
obtained for the H+ reduction where simulated with the commercial software DigiElch version 7.FD
(ElchSoft, Kleinromstedt, Germany) that allowed us to correct the LSVs for iRu drop and capacitive
charging. The k0 value was varied until a good fit of the experimental data was obtained using
previously reported values of diffusion coefficients of H+ and H2 as well as the proton concentration.
(DH

+ = 7.1 × 10−5 cm2/s [42] and for H2, DH2 = 3.37 × 10−5 cm2/s) [43].
Pt/HOPG Electrode preparation: Full details are given elsewhere for the preparation of the Pt

electrode on HOPG and [19,29]. Briefly, the HOPG was exposed to the solution, and the deposition was
performed either on a 2- or 3-electrode cell. In the 2-electrode cell, Pt electrodeposition is performed by
applying −3 V vs. the counter electrode for 200 s. This potential was applied immediately following an
immersion time during which the solution was cooled to 4 ◦C while bubbled with nitrogen to remove
oxygen. The solution was stirred at 900 rpm during electrodeposition to remove hydrogen bubbles
evolving from the surface. The electrodeposition of Pt was performed from the following solution:
3 mM H2PtCl6, 0.5 M NaCl with the pH adjusted to 2.3 with HCl.

3. Results and Discussion

3.1. Electrodeposition Process Characterization

Figure 1 shows the data of the electrodeposition on HOPG. The electrodeposition was performed
in a two-electrode cell, with the first channel of the Bio-Logic potentiostat (floating configuration) with
the potential simultaneously monitored with the second potentiostat channel. Initially, the electrode is
immersed in the solution and kept under OCP conditions, which is typically around +1 V vs. Ag/AgCl
(ca. 0.8 V vs. the normal hydrogen electrode, NHE). After the immersion time, a constant potential of
−3 V vs. the CE is applied, which corresponds to ca. −2 V vs. Ag/AgCl (−2.2 V vs. NHE). At these
potentials, the current is around 1 μA, which corresponds to ca. 2.8 μA/cm2. We focus our discussion
on two aspects: (1) the initial OCP value and (2) the value of the applied potential (Eapp) to evaluate
the effect of eventual hydrogen formation.

Figure 1. Electrodeposition Pt on Highly Oriented Pyrolytic Graphite (HOPG) (0.36 cm2) in 3 mM
H2PtCl6, 0.5 M NaCl, pH 2.3, under N2 bubbling and 600 rpm stirring. The time between 200 and 320
s corresponds to the sample immersed at OCP = 1 V vs. Ag/AgCl = 0.8 V vs. NHE. At 320 s, Eapp =
−3 V vs. CE, which is ca. −2 V vs. Ag/AgCl and −2.2 V vs. NHE.

68



Nanomaterials 2018, 8, 668

3.2. Phase 1: Electrode Immersion

The potential achieved for the HOPG immersed in the Pt solution (Figure 1) is similar to that
required for the Pt electrodeposition. Because the solution contains PtCl62−, the electrodeposition
should be a sequential process with the ultimate production of Pt0 according to the following
reactions [44]:

PtCl64−
(aq) + 2e → PtCl42−

(aq) + 2Cl−(aq) E0 = 0.726 V (1)

PtCl42−
(aq) + 2e → Pt + 4Cl−(aq) E0 = 0.758 V (2)

where all potentials are with respect to NHE. However, the potentials reported in Equations (1) and (2)
are derived from complexation schemes; they are normally not observed under usual experimental
conditions [45]. The potentials observed in Figure 1 during the incubation period at OCP are similar
to those used for Pt deposition, and in fact, in different experiments, we observed potentials more
negative than those in Equations (1) and (2). The deposition conditions were investigated by cyclic
voltammetry. In Figure 2 are presented the CVs of a 1.6 mm Pt disk electrode immersed blank (without
Pt, A) and in the deposition solution (B). The black and red traces correspond to experiments performed
with different potential scans at the same scan rate (ν). Concerning the experiments on HOPG in the
absence of Pt, the peak around −0.4 V vs. Ag/AgCl (Figure 2A) is attributed to the diffusion limited
H+ reduction to H2. In the region between −0.4 V and 0.3 V vs. Ag/AgCl, several features in the CV
appear when Pt is introduced in the deposition solution. Note that these potentials correspond to
−0.2 to 0.5 V vs. NHE, which are positive to the potentials in Equations (1) and (2). Note also that
although the step-wise reduction of Pt4+ to Pt0 is expected, the CV shows that the mechanism is more
complicated than two consecutive 2-electron processes. Uosaki et al. reported the sequential 2-electron
reduction in H2SO4 electrolyte with peak potentials observed on Pt(111) in agreement with the values
of Equations (1) and (2) [46]. However, in Cl− electrolytes, the reduction potentials shift to negative
values without resolving the two reduction steps on the CV [31]. We will not attempt to discuss here
the mechanism of Pt4+ reduction, but will use the CVs of the electrode materials in different electrolytes
to explain the formation of 2D Pt structures. At negative potential regions (E < 0.7 V vs. NHE), on Pt,
the deposition of Pt from one of the PtClx complexes is expected.

The CV for HOPG in the Pt deposition solution is a strong function of the nature of the HOPG
surface. Figure 3 depicts the linear sweep voltammetry (LSV) of three independently prepared HOPG
surfaces in the same electrodeposition solution as the samples shown in Figure 2B. Interestingly,
the electrodeposition on HOPG does not display a peak for the diffusion-limited deposition of
Pt/HOPG and only the peak for H2 evolution is present at E = −0.5 V, but no peak for Pt deposition is
seen. At potentials more negative than 0.3 V vs. Ag/AgCl, or 0.5 V vs. NHE Pt deposition on HOPG is
again apparent. However, the rates of deposition vary widely, and we propose that this is due to the
different conditions of the surface exposed by cleavage of the C–C stacking with tape.

We further investigated the electrodeposition of Pt on an HOPG surface by cyclic voltammetry.
Figure 4 depicts a series of sequential CVs obtained on the same surface. Note that the scan rate
here is twice that in Figure 3, to minimize the time in which the surface is modified during the
polarization. Also, each sequential CV was recorded on increasing the potential window (a–e), but
no peak characteristic of the deposition of Pt from the 3 mM solution of Pt precursor was observed.
After 4 consecutive CVs, the peak for H2 evolution in the solution is seen (curve e). An anodic peak
appears around +1.0 V vs. Ag/AgCl, or 0.8 V vs. NHE, which is consistent with the oxidation of Pt to
a PtClx complex. The peak intensity increases with the number of CVs, in agreement with a higher
amount of Pt present on the surface. This result suggests that at potentials more negative than 0.8 V
vs. NHE, the Pt deposit is stable on the HOPG surface. However, the CVs or LSVs do not reach a
diffusion-limited rate for the deposition of Pt/HOPG.
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Figure 2. Cyclic voltammetry of a 1.6 mm Pt electrode in (A) 0.5 M NaCl pH 2.3 (no Pt) and (B) in
the same electrolyte in (A) +3 mM H2PtCl6. CVs (a,c) and (b,d) were recorded in different potential
windows, ν = 50 mV/s.

Figure 3. Linear sweep voltammetry of 3 independently prepared HOPG surfaces in 3 mM H2PtCl6
0.5 M NaCl pH 2.3 (a–c), ν = 100 mV/s.
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Figure 4. (A) Sequence of cyclic voltammograms (CVs) of Pt deposition on the same HOPG surface
(a–d), ν = 50 mV/s. The CVs increase the potential window in the negative direction. (B) Shows the
same CVs in (A) for comparison with the final CV (e).

The results in Figures 3 and 4 indicate that the Pt deposit is stable on HOPG at potentials that
are consistent with the bulk reduction potentials for the complexes in Equations (1) and (2). However,
the OCP before deposition indicates that Pt can be formed when the HOPG substrate is immersed in the
precursor solution. To investigate this possibility, we immersed a freshly-cleaved HOPG electrode in the
electrodeposition solution without an applied potential, and without a connection to an external circuit,
and then rinsed it with water. The voltammetry of this electrode in 0.5 M H2SO4, and, for comparison,
the behavior of HOPG in the same solution, are presented in Figure 5A,B, respectively. The CV of the
HOPG exposed to the Pt precursor solution shows the characteristic features for H2 evolution, which is
consistent with the formation of Pt on the surface. Note that the activity is relatively low, since the
peaks for hydrogen adsorption and desorption are not well defined. Recently, Arroyo-Gomez and
Garcia reported higher electrocatalytic activity for spontaneously deposited Pt on C with electroactivity
being a function of time [34]; the highest activity was observed after 2 h of exposure in a solution at
room temperature. In the present study, the incubation was performed at low temperatures (4–5 ◦C),
that we propose slow down the deposition of Pt, which has been reported to be a slow process even at
room temperature [34].
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Figure 5. (A) CVs of a HOPG electrode in 0.5 M H2SO4 exposed to the electrodeposition solution (3 mM
H2PtCl6, 0.5 M NaCl, pH 2.3) for 200 s. The electrode was immersed but not connected to the external
circuit during the exposure to the Pt precursor, then rinsed, dried and characterized in 0.5 M H2SO4.
(B) Behavior of a freshly cleaved HOPG electrode without exposure to the Pt deposition solution.

The AFM images obtained on an identically prepared electrode, exposed to the Pt deposition
solution but without a bias for electrodeposition (OCP immersion), are shown in Figure 6. Pt structures
have formed on the surface of the HOPG and, interestingly, while they appear to be dispersed on
the surface, the features follow the defects on HOPG. Spontaneous deposition on HOPG is not well
understood and, while edges and defects on HOPG have been suggested to act as reducing agents [30],
there are reports of no preferential deposition around the edges [32]. Our observations support that
the defects on HOPG are responsible for the deposition of Pt, (Figure 6D which shows the detail of
step edges) which occurs spontaneously once the HOPG is immersed in a Pt-containing solution.
Compare with Figure 6E which is the AFM of bare HOPG. The Pt deposition is occurring preferentially
on the step/edges of the HOPG substrate and other defects around the surface. One sample was
subjected to electrochemical cycling represented in Figure 5, and the AFM of this sample is shown
in Figure 6C after electrochemical testing. Figure 6C shows that the Pt structures on the HOPG
surface become larger NPs, probably due to the reconstruction of the initial Pt nanostructures during
the CVs. This observation suggests that the Pt structures spontaneously deposited on the surface
while electrochemically active (Figure 5) are not strongly attached to the HOPG surface because
they re-construct (compare Figure 6A,B,D before and after electrochemistry, Figure 6C) and also we
observed that the AFM would move some particles during imaging.
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Figure 6. Atomic force microscopy (AFM) images of HOPG surfaces immersed in a Pt deposition
solution (3 mM H2PtCl6, 0.5 M NaCl, pH 2.3) recorded after the immersion (A, B and D fresh) and
after the electrochemical cycles reported in Figure 5 (C, after electrochemistry). All the electrodes were
prepared by immersion at open circuit potential (OCP), i.e., without applying an external potential.
(E) Corresponds to a blank HOPG.

The spontaneous Pt deposition that we observed here also occurs under a wide range of
conditions [30,32,34–36]. As discussed in the introduction, partially oxidized sites have been proposed
as the reducing agent for Pt. Penner and co-workers proposed the oxidation of step edge and other
defect sites that could be aldehydes, alcohols and ketons partially oxidized [30]. This assignment
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was made based on the observation that surface enhanced Raman spectroscopy detect carbonyl
functionalities on thermally pitted HOPG substrates. We are not aware of reports on the half oxidation
reaction during Pt deposition in the literature, in part because the spontaneous deposition of Pt on C is
a point that has received limited attention in the literature. Because the electrochemical papers lack XPS
studies of the surface oxidation before and after Pt deposition, we get insight into the half reactions
of oxidation from the XPS studies of the adsorption and deposition of Au on HOPG from acidic
solutions [38–40]. Because they do not report the redox properties of these surface reactions, we must
deduce possible reactions from surface composition studies. XPS showed that immersing HOPG in
aqueous HCl (diluted) yields mostly an OH-terminated surface [39] together with a theoretical study
to support the experimental finding. Density functional theory (DFT) calculations of the step edges
along the HOPG terminated on a C–OH group gave the more stable configuration having the OH
group roughly in plane with the graphitic sheet oriented towards the H on the same C=C bond of the
armchair edge [39]. Because this configuration has a slightly higher energy than a single graphene
sheet (by 0.035 eV/A) the authors proposed that mild oxidation conditions are necessary to produce
the C–OH groups on the edges. During heating, the hydroxyl groups oxidize to produce ketone and
ester groups on the HOPG surface [39,40]. However, the C–OH groups reduced Au3+ to Au0 from
solution while the C–OH oxidize to C=O groups [38]. Therefore, based on the findings by XPS and
AFM of Au deposition on HOPG [38–40] along with the AFM studies in this work (Figure 6A,B,D) and
previous reports that show preferential deposition of Pt along the step edges [32,34,35], we propose
the following oxidation reactions in our precursor solution. Initially, during immersion of HOPG to
the precursor solution (3 mM H2PtCl6 0.5 M NaCl pH 2.3, which corresponds to dilute HCl), the step
edges oxidize to C–OH groups as shown in Scheme 1. To illustrate the reaction, we use a triphenylene
to depict the step edges on the HOPG surface that yields an OH and H on the same C=C bond as
in the DFT study by Buono et al. [39]. The structure also affords the simplest oxidation case, where
the half-reaction is a 2e, 2H+ oxidation without the need to create radicals or dangling bonds on the
polycyclic structure during the oxidation of the C–H edge sites to C–OH or for the following oxidation
of the OH groups.

Scheme 1. Proposed oxidation of the HOPG step edges in deposition solution 3 mM H2PtCl6 0.5 M
NaCl pH 2.3. Triphenylene illustrates a terminal section of the extended HOPG structure. The reaction
is deduced from the data in ref [39].

We propose that a second step is the oxidation of the C–OH to C=O. The more likely redox
reaction here is the 2e, 2H+ oxidation depicted in Scheme 2, with adjacent C–OH groups that can
provide enough electrons to reduce the precursor to Pt0 either by the two sequential, 2e reactions in
Schemes 1 and 2 or through the oxidation of adjacent groups.

Scheme 2. Proposed oxidation of HOPG step edges as reducing agents for H2PtCl6 in the precursor
solution. Derived after ref. [38], our results and other reports [32,34,35] that find preferential Pt deposits
along the edges.
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3.3. Phase 2. Electrodeposition

The results seen on Figures 3 and 4 on the HOPG, compared with those obtained with the Pt
electrode (Figure 2), indicate that reduction of PtClx complexes is an intrinsically slower process on the
surface of HOPG than on Pt. Therefore, the deposition of Pt is expected to occur at a higher rate on
Pt structures than on a bare HOPG surface, leading to tridimensional structures. Eventually, at high
enough overpotentials, the production of bulk H2 becomes the predominant electrolytic process in
the deposition system. Therefore, we investigated the effect of H2 on the deposition of the sample.
In Figure 7 are shown the LSVs obtained for a freshly cleaved HOPG sample and Pt/HOPG sample,
prepared under the conditions of Figure 1. Figure 7A is the data for bare HOPG in the blank electrolyte,
note that there is a small peak around −1 V vs. Ag/AgCl, which indicates negligible H+ reduction
activity for HOPG. Figure 7B shows the LSV for Pt/HOPG under the same conditions, and as already
pointed out, the peak for the diffusion-limited H2 evolution is seen around −0.5 V vs. Ag/AgCl.
This peak is shifted with respect to that observed for bulk Pt (−0.4 V, Figure 2), because the surface
is not completely covered with Pt, and the electrode material behaves with a rate constant lower
than that of Pt. For the Pt/HOPG electrode, k0 = 6 ×10−3 cm/s, as obtained from DigiElch (Elchsoft,
Kleinromstedt, Germany) lower than the bulk Pt k0 = 0.36 cm/s [42]. The simulations are shown
in Figure 7B (line b) to show the overlap with the experimental data (line a) and were performed
based on the previously reported H+ diffusion coefficient [42] of DH

+ = 7.1 × 10−5 cm2/s for H2,
DH2 = 3.37 × 10−5 cm2/s [43]. Based on this, a new electrode was prepared with the electrodeposition
potential held at −0.5 V vs. Ag/AgCl, which is at the diffusion-limited rate of H2 evolution. The AFM
image of a sample prepared at −0.5 V vs. Ag/AgCl is depicted in Figure 8. The sample prepared
under these conditions presents two populations of Pt structures. In addition to platelets 40 nm in
diameter and 3–4 nm thick, larger Pt aggregates (ca. 120 × 30 nm) appears, which are not observed
when the sample is prepared at larger overpotentials (−2.0 V) [19,29].

Figure 7. (A) Linear sweep voltammograms (LSV) of a bare HOPG electrode in 3 mM H2PtCl6, 0.5 M
NaCl, pH 2.3, under N2 and (B) For a Pt/HOPG electrode, same conditions as in (A). Line (a) shows
the experimental data and line (b) the comparison to the digital simulations.
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Figure 8. AFM of a sample electrodeposited at −0.5 V vs. Ag/AgCl in 3 mM H2PtCl6, 0.5 M NaCl, pH
2.3. Radial profiles of the two population of the Pt features are also reported.

Figure 9 shows the results for the electrodeposition of Pt as a function of time. The current was
recorded during deposition, and then, after the Pt deposition was finished, a control experiment was
run in the blank solution to study the contribution of H2 evolution. The corrected current gives an
estimate of the amount of Pt deposited under these conditions. Interestingly, the current at short times
(t < 50 s) is much lower than expected from the diffusion behavior (note that it is less negative than the
calculation based on the reported Pt diffusion coefficient, DPt

4+ = 2.2 × 10−5 cm2/s) [31]. These results
are consistent with our observation that in the CVs the diffusion-limited peak is not seen on HOPG.
At higher deposition times, the current becomes larger than the expected from diffusion-limited
behavior. At this point, enough Pt has been deposited on the surface to drive the formation of H2

bubbles that disturb the solution, therefore, increasing the value of the current. Integrating the current
of the Pt deposition provides an estimate for the upper limit of Pt deposition, which corresponds to
40 μg/cm2. However, under the conditions of high overpotentials (E = −2 V vs. Ag/AgCl), the loading
is expected to be much lower based on the size of the Pt features: the Pt NPs in Figure 8 (E = −0.5 V)
are much larger than the nanostructures on Figure 10 (E = −2 V) are mostly below 2 nm in high.
This sample prepared at high overpotentials shows the nanoplatelets previously described [19,28,29],
together with some larger Pt aggregates. The latter are smaller than those seen above obtained at lower
overpotentials (Figure 8) (ca. 90 × 20 nm). On the contrary, the nanoplatelets form more extended
structures of ca. 200 nm with a 2–6 nm thickness. Therefore, it is likely that H2 plays a role in limiting
the 3D growth of the Pt deposits and favoring the formation of contiguous Pt islands. Based on the
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work presented here, we propose that the effect of H2 becomes dominant at larger overpotentials,
where water electrolysis is predominant over proton reduction.

Figure 9. (A) Current obtained for the electrodeposition of Pt at E = −0.5 V vs. Ag/AgCl. a: HOPG in
blank solution of 0.5 M NaCl, pH 2.3, b: sample deposited with Pt in blank solution, c: Pt deposition in
3 mM H2PtCl6, 0.5 M NaCl, pH 2.3. (B) Pt deposition current (line d) obtained by subtracting lines
(a) and (b) from line (c) in (A). The (d) line in (B) is the experimental curve, while (e) represents the
behavior expected from the Cottrell equation.

Figure 10. AFM image of a sample electrodeposited at −2 V vs. Ag/AgCl showing the radial profiles
measurements of the two populations of deposited structures.
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Chloride ions have been proposed to control NP growth [31,32]. A set of CVs of Pt in solutions
containing Cl− is shown in Figure 11 recorded at a scan rate ν = 0.5 V/s (A, 0.1 M HCl), and are
compared with CVs obtained using a solution of the same pH without Cl− (0.05 M H2SO4). The scan
rate and the potential window were chosen to show the different peaks, given that the processes
involved in the PtClx reduction overlap with H2 evolution. The CVs in HCl show after the formation
of PtClx, several reduction peaks, around 0.8 V, 0.2 and 0 V vs. Ag/AgCl. The last is likely due to H2

processes because it is also present when using the H2SO4 solution. Therefore, the re-dissolution of
Cl− into the solution is proposed to occur in the potential region between 0.8 and 0.2 V vs. Ag/AgCl.
These potentials are considerably more positive than those used in the electrodeposition of Pt in this
work. However, we should notice that while the stripping of Cl− is seen at more positive potentials, at
negative potentials, Cl− could still be present in proximity to the Pt surface, as it is expected to be a
major component of the double layer. However, the Cl− will be expected to be weakly bound to the Pt
surface under these conditions.

Figure 11. CVs of a 1.6 mm diameter Pt electrode in (A) 0.1 M HCl and in (B) 0.05 M H2SO4, ν = 0.5 V/s.

4. Conclusions

The electrodeposition conditions for Pt/HOPG were investigated, and it was observed that once
the HOPG electrode is immersed in solution, Pt spontaneously deposits on the HOPG surface and
forms nanostructures that control the electrodeposition of Pt. This is due to the reduction of PtClx
complexes being kinetically more favorable on the Pt surface than on the HOPG surface. In fact,
the HOPG surface activity towards the reduction of Pt-Cl complexes is a strong function of the nature
of the surface characteristics, which at the moment cannot be controlled. The defects on the surface
drive the deposition of Pt and that the density of the active sites along the surface (defects, edges, etc.)
varies depending on the exfoliation of HOPG. The growth of Pt limited to an island morphology is
likely due to H2 evolution from water reduction, but not from the H+ reduction. Thus, a different
process that occurs at more negative potentials is likely the cause for the limiting Pt growth. From the
CVs it is apparent that, besides the reduction of free H+, the reduction of water also is important at
potentials more negative than −1 V. Therefore, it is considered that an intermediate in the reduction
of water plays a role in protecting the Pt. These features of the electrodeposition are currently being
investigated in our laboratories and will be reported in due time.
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Abstract: Ultrathin transition metal oxide films exhibit unique physical and chemical properties not
observed for the corresponding bulk oxides. These properties, originating mainly from the limited
thickness and the interaction with the support, make those films similar to other supported 2D
materials with bulk counterparts, such as transition metal dichalcogenides. Ultrathin iron oxide (FeO)
films, for example, were shown to exhibit unique electronic, catalytic and magnetic properties that
depend on the type of the used support. Ag(111) has always been considered a promising substrate
for FeO growth, as it has the same surface symmetry, only ~5% lattice mismatch, is considered to be
weakly-interacting and relatively resistant to oxidation. The reports on the growth and structure of
ultrathin FeO films on Ag(111) are scarce and often contradictory to each other. We attempted to shed
more light on this system by growing the films using different preparation procedures and studying
their structure using scanning tunneling microscopy (STM), low energy electron diffraction (LEED)
and X-ray photoelectron spectroscopy (XPS). We observed the formation of a previously unreported
Moiré superstructure with 45 Å periodicity, as well as other reconstructed and reconstruction-free
surface species. The experimental results obtained by us and other groups indicate that the structure
of FeO films on this particular support critically depends on the films’ preparation conditions. We also
performed density functional theory (DFT) calculations on the structure and properties of a conceptual
reconstruction-free FeO film on Ag(111). The results indicate that such a film, if successfully grown,
should exhibit tunable thickness-dependent properties, being substrate-influenced in the monolayer
regime and free-standing-FeO-like when in the bilayer form.

Keywords: iron oxides; ultrathin films; silver; epitaxial growth; structural characterization; STM;
LEED; XPS; DFT; model system

1. Introduction

Ultrathin films grown on single crystal supports are believed to constitute a new class of 2D
materials with properties governed by low-dimensionality and the interaction with the substrate
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and, therefore, different from those of the corresponding bulk materials [1]. The substrate- and
thickness-mediated effects are particularly pronounced in the case of ultrathin films of insulators
or semiconductors grown on conducting supports, where the overlapping of the electronic states
of the film and the substrate takes place. Historically, such films were meant to be used as
model systems that would allow the use of surface science tools for the studies of materials
that are not electrically conductive in the bulk form [2]. However, the unpredicted at the
time film-substrate interactions, often manifested by structural reconstructions, such as Moiré
superstructures, were found to increase the complexity of those systems and limit their initially
intended application. Quite unexpectedly, the unique properties of ultrathin films opened new
pathways for the rediscovery of the well-known simple compounds, such as transition metal oxides or
dichalcogenides, in their unnatural two-dimensional form, and many reports describing such systems
have been published to date.

Monolayer iron oxide (FeO) films can be grown in the close-packed <111> direction on various
(111)-oriented and (0001)-oriented metal single crystal supports [3–7]. To date, all such films were found
to exhibit lattice mismatch-induced Moiré superstructures which give them unique properties but also
make none of them fully-representative as model system imitating bulk oxide material (which would
be also interesting to achieve). Among the substrates used, Ag(111) has always been considered
a promising candidate for iron oxides growth, as it has the same surface symmetry as FeO(111),
only ~5% lattice mismatch (much smaller than the commonly used Pt(111) [3,4]), is considered a
weakly-interacting substrate and is relatively resistant to oxidation. There have been several reports
on the growth of ultrathin and thin iron oxide films on differently oriented silver single crystal
supports [8–19]. An overview of these works is presented in the Supplementary Materials file, Section 1
(SM1). Regarding ultrathin FeO(111) films on Ag(111), most reports were contradictory to each other
and lacked detailed structural characterization by atomic-resolution techniques, such as scanning
tunneling microscopy (STM). The very first work by Waddil and Ozturk suggested that deposition of
submonolayer amounts of iron onto a silver substrate kept at room temperature (RT) and subsequent
oxidation results in a (1×1) growth of FeO, i.e. adaptation of the surface lattice constant of FeO (3.04 Å)
to Ag (2.89 Å) [8]. The assumption was based on low energy electron diffraction (LEED) and X-ray
photoelectron spectroscopy (XPS) results. More recently, Lundgren, Weaver and co-workers grew the
films using different procedure, i.e. by depositing iron onto a slightly heated silver substrate and in an
oxygen ambient [17–19]. The authors employed STM and observed the formation of a p(9×9) Moiré
superstructure with a significantly expanded FeO surface lattice constant (to 3.25 Å) and very small
separation between iron and oxygen layers (0.26 Å—meaning that the iron and oxygen atoms are
almost in-plane). The superstructure was also visible on the acquired LEED patterns. The conclusions
on the structure of FeO(111)/Ag(111) drawn by the two groups differ, however, it has to be underlined
that (1) the preparation procedures used by both groups were not the same, (2) the authors of Ref. [8]
did not employ STM (or any other atomic-resolution technique) to determine the exact structure of
their films and (3) the authors of Refs. [17–19] were clearly stating that their films are not uniform and
consist of a mixture of well-defined Moiré-reconstructed FeO (majority phase) and ill-defined “FeOx”
species (minority phase).

We try to shed more light on the structure of ultrathin FeO films grown on Ag(111). In our
experiments, we applied different preparation procedures and used STM, LEED and XPS to analyze
the structure of the fabricated films. Firstly, we deposited iron onto the silver substrate kept at
room temperature and post-oxidized it. We found that such procedure leads to the growth of
Moiré-reconstructed and structurally ill-defined islands located mainly at the silver step edges.
Interestingly, the structural parameters of the observed Moiré superstructure differ significantly
from those reported in References [17–19]. Secondly, we modified the procedure by depositing iron
onto a heated silver substrate and post-oxidizing. In that way we succeeded to grow uniformly
distributed surface structures, some of which were reconstructed and some reconstruction-free.
Some of the observed reconstructed regions were virtually identical to those observed following
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room-temperature iron deposition and oxidation. The nature of the reconstruction-free regions was
difficult to identify unambiguously, however, their atomic structure and electronic characteristics
seemed to differ from those of clean Ag(111). We also performed density functional theory
(DFT) calculations on the structure and properties of a conceptual reconstruction-free FeO/Ag(111).
The results indicate that such film, if successfully grown, should exhibit tunable thickness-dependent
properties, being substrate-influenced in the monolayer regime and free-standing-FeO-like when in
the bilayer form.

2. Experimental and Theoretical Methods

The experiments were performed in an ultra-high vacuum (UHV) system (from Omicron,
Taunusstein, Germany) consisting of three inter-connected chambers: The preparation chamber
(base pressure: 5 × 10−10 mbar), the scanning probe microscopy chamber (base pressure: 3 × 10−11

mbar) and the load-lock chamber. The preparation chamber hosted a cold cathode sputter gun,
single electron beam evaporator and e-beam heating stage. It was also equipped with a LEED
instrument and an XPS setup. The scanning probe microscopy chamber was equipped with a
variable-temperature STM. All STM measurements were performed in a constant current mode
using W tips. The Ag(111) single crystal (purity: 99.999%, polishing accuracy: <0.1◦; from MaTeck
GmbH, Jülich, Germany) was cleaned by repeated cycles of 1 keV and 0.6 keV Ar+ (purity: 99.999%;
Messer Industriegase GmbH, Bad Soden, Germany) ion sputtering, annealing in O2 (purity: 99.999%;
Messer Industriegase GmbH, Bad Soden, Germany) and under UHV at T ≥ 700 K. Iron (purity:
99.995%; Alfa Aesar GmbH, Karlsruhe, Germany) was evaporated from a 2 mm rod onto a Ag(111)
substrate kept at RT or 500–600 K. The deposition rate, calibrated using STM, was approx. 2 monolayers
(MLs) per minute (calibration accuracy: 10%), where 1 ML is defined as the amount of iron that would
cover the Ag(111) surface with a closed bcc Fe(110) film. The STM images were processed using
Gwyddion (ver. 2.4x, Open Source) [20] and WSxM (ver. 5.0 Develop 8.x, Freeware) [21] computer
software. The oxidation of iron was performed by backfilling the preparation chamber with molecular
oxygen using a leak valve and heating the sample to 700 K. Following 15–30 min oxidation, the sample
was cooled down in oxygen for several minutes. The temperature of the sample was measured
using an infrared pyrometer focused on a tantalum holder on which the sample was mounted. The
cleanliness of the substrate, as well as the structure of Fe and FeO deposits, were characterized by STM,
LEED and XPS. Scanning tunneling spectroscopy (STS) dI/dz experiments were performed using a
lock-in technique: A modulation voltage of 60 mV at a frequency of 6777 Hz was applied to the z-piezo
of the STM (which resulted in a periodic tip-sample distance change of +/− 0.1 nm), the STM bias
voltage was set to 50 mV and the curves were acquired locally from the objects of interest. For each
measurement, the tip was first retracted from the sample’s surface by 1 nm (to attenuate any tip-sample
interactions) and then brought to the surface with a speed of 1 nm/s. Each of the presented curves is a
result of averaging of 15 similar measured curves and additional smoothing using the locally weighted
scatterplot (LOESS) method. The LEED patterns were recorded at various energies ranging from 30 eV
to 255 eV. The XPS measurements were performed using a monochromatic AlKα (1486.6 eV) X-ray
source and a semispherical electron energy analyzer operating at a pass energy of 50 eV (survey) and
20 eV (regions). The data were calibrated with respect to the Ag 3d5/2 peak (368.2 eV) [22] and fitted
using CasaXPS computer software (ver. 2.3.19PR1.0, Casa Software Ltd, Teignmouth, UK). A linear
combination of Gauss and Lorentz functions (the so called Voigt function) and Shirley background
subtraction were used for the fittings. Detailed information on all XPS fittings presented in this work
is provided in SM2.

The DFT calculations were performed using the Vienna ab initio simulation package (VASP,
ver. 5.4.4, Vienna, Austria) [23–25]. The electron-ion core interactions were represented by the
projector-augmented wave (PAW) potentials [26,27], with Ag 4d105s1, Fe 3d74s1 and O 2s22p4 states
considered as the valence states. A plane wave basis set with a kinetic energy cutoff of 400 eV was
applied. The exchange-correlation energy was treated at the spin-polarized generalized gradient
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approximation (GGA) level using the Perdew-Burke-Ernzerhof (PBE) functional [28]. The Brillouin
zone was sampled using Γ-centered k-point meshes. A Fermi surface broadening of 0.2 eV was applied
to improve convergence of the solutions using the second order Methfessel-Paxton method [29].
To account for the strongly correlated 3d electrons localized on the Fe ions, the Hubbard U correction
was applied (GGA+U) within the rotationally invariant approach of Dudarev et al., with the effective
parameter Ueff = U − J = 3.0 eV, where (U,J) = (4,1) eV are the Coulomb and screened exchange
parameters, respectively [30]. The applied Ueff value is known to provide a satisfactory description of
bulk characteristics of FeO [31]. Convergence threshold for the total energy of the studied systems was
set to 10−6 eV. The lattice parameter of bulk fcc Ag, a = 4.155 Å, calculated using 16×16×16 k-points
mesh, was found to agree well with other GGA calculations performed using a similar computational
method (e.g. 4.16 Å [32] or 4.14 Å [33]) and overestimated the experimental value, 4.086 Å [34], by less
than 1.7%. A silver (111) substrate was modelled with an asymmetric slab consisting of four atomic
layers of Ag with a 1×1 or 2×2 surface unit cell. In order to check the appropriateness of the size
of the unit cell, additional calculations for larger supercells were also performed. The slabs were
separated from their periodic images by a vacuum region of 18 Å. A Γ-centered 16×16×1 k-point mesh
was applied for the surface 1×1 unit cell and appropriately reduced for larger cells. The positions
of atoms in the bottom two Ag layers were frozen and the atomic positions of the remaining atoms
were optimized until the residual Hellman-Feynman forces on atoms were smaller than 0.01 eV/Å.
The optimization of the bare surface structure yielded negligibly small expansion of the topmost
interplanar separation and a 0.8% contraction of the second interlayer distance. The work function was
calculated as the difference between the electrostatic potential energy in the vacuum region and the
Fermi energy of the slab. A dipole correction was applied to compensate for the asymmetry of the slab
and obtain correct work function values [35]. The calculated work function of the clean Ag(111) surface,
4.49 eV, is very close to the experimental value of 4.46 ± 0.02 eV [36], and the value obtained in other
calculations, 4.50 eV [37], using a similar computational method. FeO(111) monolayer was adsorbed
on one side of the Ag(111) slab. For the initial structural modelling, the calculated in-plane lattice
constants of 2.938 Å for Ag(111) (PBE) and 3.032 Å for FeO(111) (PBE+U) were used [38]. The system
was re-optimized after the deposition of a FeO layer within the applied surface unit cell. The electron
charges on atoms were calculated using Bader analysis [39,40]. The STM images were simulated using
the Tersoff-Hamann method [41].

3. Results and Discussion

3.1. Iron Deposition at Room Temperature and Post-Oxidation

Firstly, we deposited Fe onto a Ag(111) substrate kept at room temperature and post-oxidized it.
As prepared iron/silver and iron oxide/silver samples will be further referred to as RT-Fe/Ag(111) and
RT-FeO/Ag(111), respectively. Figure 1a presents a large-scale STM image of the 0.5 ML RT-Fe/Ag(111)
sample. The deposited iron mainly agglomerated at the silver step edges forming irregularly-shaped
nanowires (such growth has also been observed by other authors, see e.g. Reference [42]). In addition,
the deposition was found to lead to silver steps erosion and vacancy islands formation (similar substrate
etching has been reported for Cu/Ag(111) [43]).

Typical structures observed after oxidation, together with their height profiles, are shown in
different magnification in Figure 1b–e. Irregular iron particles mostly changed into well-defined
hexagonally-shaped islands (Figure 1b–d). Interestingly, the orientation of the island edges indicated
that the <110> crystallographic direction, characteristic for the step edges of (111)-oriented surfaces [44],
is not preferred for the as grown FeO islands, while the

√
3 (<112>, <121>, <211> and equivalent)

directions are. On most islands, a Moiré superstructure was observed (Figure 1b,c, marked with
a red arrow). The atomic resolution image of such an island, shown in Figure 1d, revealed a
close-packed atomic arrangement with ~3.2 Å periodicity, while its line profile, presented in Figure 1e,
provided information on the height of a typical Moiré-reconstructed island (~2.1 Å), the Moiré period
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(45 Å) and the Moiré corrugation (0.4–0.5 Å). Occasionally, a second or even third layer of FeO was
observed, with the height of one layer always being around 2.1 Å. The Moiré structure itself was
found to run along the

√
3 crystallographic directions of the support (similarly to the island edges).

The observed atomic periodicity and height indicated that the islands are indeed FeO(111), as other
iron oxide phases (i.e. Fe3O4(111) or Fe2O3(0001)) would show much larger atomic periodicities in STM
(6 Å and 5 Å, respectively [4]), as well as larger heights. The observed height and Moiré corrugation
may, of course, depend on the tunneling parameters and tip condition, which are of particular
importance when measuring height differences between oxide and metal surfaces. For instance, on
the atomic-resolution STM image shown in Figure 1d no Moiré corrugation is visible. The height
profile taken along exemplary islands with ill-defined surface structure is presented in Figure 1f.
These islands were mainly located at the regular terrace sites of silver, were much higher than the
Moiré-reconstructed islands and had a disordered surface structure.

The proposed model for the observed Moiré superstructure is presented in Figure 1g. Based on
the Moiré and atomic periodicities, as well as the orientation of the island edges and the Moiré itself,
we conclude that the coincidence structure is a 30◦-rotated 14×14 FeO on 9×9

√
3 Ag. The numerically

determined FeO lattice constant for such a superstructure (3.215 Å) and the Moiré period (45 Å) are in
perfect agreement with the experimentally measured values.

 

Figure 1. Large-scale topographic scanning tunneling microscopy (STM) images (300 × 300 nm2) of
0.5 ML Fe deposited onto Ag(111) substrate kept at room temperature (a) and subsequently oxidized in
1 × 10−6 mbar O2 at 700 K (b). (c) and (d) are zoom-in images of (b) (100 × 100 nm2 and 20 × 20 nm2,
respectively) showing the Moiré superstructure (c) and the atomic structure (d) of the reconstructed
island (marked with red arrow in (b)). (e) presents the height profile marked in (c). (f) shows an STM
image (75 × 75 nm2) of islands with ill-defined structure, as well as an exemplary height profile of such
islands (marked on the neighboring STM image). (g) presents the proposed model for the observed
Moiré superstructure, where the blue rhombus marks the Ag(111) surface cell, the red one the FeO(111)
cell and black the Moiré cell (see text for details). Tunneling parameters: +0.7 V (all images), 0.4 nA
(a,d,f) and 1.0 nA (b,c).
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The most important finding is that the structural parameters of the observed Moiré
superstructure differ significantly from those reported by Lundgren, Weaver and co-workers for
the Moiré-reconstructed FeO/Ag(111) (26 Moiré period, 3.25 Å atomic period and no Moiré rotation
with respect to the support) [17–19]. This contradiction indicates that different preparation procedures
may lead to the formation of different well-ordered surface structures that are energetically the most
stable for the particular growth conditions. Such behavior was not observed for FeO(111) on any other
close-packed single-crystalline substrate.

The LEED pattern obtained for the oxidized sample shown in Figure 1b is presented in Figure 2a.
Due to the agglomeration of the material at the silver step edges and a sole fraction of the substrate
exposed, the observed pattern could be still roughly interpreted as (1×1). It is worth noting that a (1×1)
LEED was also reported by the authors of Ref. [8] following 1–3 MLs Fe deposition at room temperature
and post-oxidation. In contrast, a satellite pattern originating from a 26 Å Moiré-reconstructed FeO
was reported by other authors following Fe deposition onto a heated substrate and in an oxygen
ambient [17–19]. The lack of additional spots on our pattern could be due to small iron oxide
coverage (0.5 ML, with a fraction of islands being Moiré-reconstructed and a fraction being structurally
ill-defined). Interestingly, a simple simulation of the observed superstructure (Figure 1g) did not
produce a clearly-visible Moiré superstructure. Thus, it may be speculated that the experimentally
observed corrugation may result from the electronic film-substrate interaction (the lack of visible
corrugation on the atomic-resolution image in Figure 1d seems to confirm this theory). The absence
of additional spots also confirms the lack of significant amounts of iron oxide phases other than
FeO(111), i.e. Fe3O4(111) or Fe2O3(0001), that would give a (2×2) and (

√
3×√

3)R30◦ LEED patterns,
respectively [4,13,15].

 
Figure 2. Low energy electron diffraction (LEED) pattern (60 eV) of 0.5 ML FeO film grown by Fe
deposition onto Ag(111) substrate kept at room temperature and post-oxidation (a). (b) shows Fe 2p
X-ray photoelectron spectroscopy (XPS) spectra obtained for the 1.0 ML RT-Fe/Ag(111) (red line) and
1.0 ML RT-FeO/Ag(111) (black) samples. The Ag 3s signal, overlapping with the Fe 2p line, is marked
in blue. Inset in (b) presents the O 1s spectrum (green line) recorded for the oxidized sample.

The XPS data recorded for the 1.0 ML RT-Fe/Ag(111) and 1.0 ML RT-FeO/Ag(111) samples are
presented in Figure 2b. The main graph presents the Fe 2p lines obtained for both samples, while the
inset shows the O 1s signal obtained for the oxidized sample. A detailed analysis of the Fe 2p data was
not trivial, as the region overlaps with the Ag 3s peak centered at around 719 eV.

The Fe 2p signal obtained for the RT-Fe/Ag(111) sample could be fitted with two components
centered at around 706.5 eV and 719.9 eV, which are characteristic of metallic iron and result
from spin-orbit coupling (Fe 2p3/2 and 2p1/2 peaks [45]). The spectrum obtained for the oxidized
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sample could be fitted with six components—710.3 eV, 712.6 eV, 716.6 eV, 724.0 eV, 727.0 eV and
731.5 eV—which is typical for the FeO phase [46,47]. The 710.3 eV and 724.0 eV peaks, chemically
shifted by approx. 4 eV to higher binding energies with respect to metallic iron, result from Fe2+

ions in iron oxide. X-ray photoelectron lines of iron oxides, and ionic compounds in general,
exhibit broadening due to a multiplet splitting effect (coupling between core holes with unpaired
electrons in the outer shell [48–51]) which, in our case, was manifested by the presence of the
components centered at around 713.4 eV and 726.9 eV. The 718.8 eV and 731.0 eV peaks on the
other hand, correspond to characteristic Fe2+ satellite peaks (which appear as a consequence of
photoelectrons exciting valence electrons into unoccupied orbitals [46,51,52]). A binding energy
difference of nearly 6 eV between the first satellite and the main Fe 2p3/2 photoemission line and of
nearly 7 eV between the second satellite and the main Fe 2p1/2 line provide clear evidence for the
presence of Fe2+ iron [46,47,52] (the presence of Fe3+ iron would result in a binding energy difference of
more than 8 eV [46,52]). Based on the peak positions it may be, therefore, concluded that metallic iron
and iron in the Fe3+ oxidation state are either not present or present in the amount that falls beyond the
detection limit of our XPS system. The oxygen O 1s signal recorded for the oxidized sample could be
fitted with a single peak centered around 529.7 eV [49]. The Fe to O ratio, determined from the survey
spectrum (not shown) and by taking the elemental photoionization cross-sections [53] into account,
was approx. 1:1—as expected for a stoichiometric FeO phase. No other elements, like e.g. carbon,
sulfur or other contaminants, could be detected. All these indicated that the observed islands—no
matter if well- or ill-defined—consist of Fe2+ and O2− ions (however, a contribution of Ag atoms in
these structures could not be excluded as well).

3.2. Iron Deposition at High Temperature and Post-Oxidation

Secondly, we modified the preparation procedure by depositing Fe onto a 550 K-heated Ag(111)
substrate and post-oxidizing it. The corresponding iron/silver and iron oxide/silver samples will
be further referred to as HT-Fe/Ag(111) and HT-FeO/Ag(111) (underlining the fact that iron was
deposited at high temperature (HT)). Figure 3a,b presents large-scale STM topography images of
the HT-deposited 0.5 ML Fe on Ag(111) before (a) and after (b) oxidation in 1 × 10−6 mbar O2

at 700 K. In contrast to the observed agglomeration of iron at the silver step edges following RT
deposition, the HT deposition was found to lead to the formation of well-defined bcc Fe(110) crystallites
uniformly distributed over the silver surface. We explain this difference in the growth mode by partial
incorporation of iron into the top silver layer at the initial stage of deposition and, thus, formation
of nucleation centers for the growing crystallites. This assumption is based on the observation of
small, elongated, rhomboidal particles embedded in the top layer of silver following the deposition
of submonolayer iron amounts. The examples of such inclusions are shown in the inset to Figure 3a
(marked with blue arrows); they have a height of ~0.6–1.2 Å (approx. half of the height expected
for monolayer bcc-Fe, i.e. ~2 Å [54]) and top facets tilted with respect to the substrates’ plane—thus
suggesting that they are embedded in silver. Such Fe incorporation may appear surprising, taking
into account the fact that iron generally does not alloy with silver. However, it has been shown
that diffusion of iron into silver bulk is possible at high temperatures [55], therefore, we assume
that at temperatures >500 K iron could be incorporated into the top silver layer. For higher iron
coverages, mostly multilayer nanocrystals were observed (like the one marked with a green circle
in the inset to Figure 3a), with shapes indicating <110>-oriented growth. Interestingly, the fraction
of particles embedded in the substrate at the vicinity of the silver step edges was found to modify
the steps direction (inset to Figure 3a, orange circle). In contrast to the RT deposition, no substrate
etching was observed, which could be due to immediate surface smoothing at 550 K. The topography
of the HT-FeO/Ag(111) sample also differed significantly from the RT-FeO/Ag(111): The HT film
was inhomogeneous and consisted of different reconstructed and reconstruction-free surface species,
most of which were located at the regular terrace sites, more uniformly distributed, had smaller sizes
and less defined shapes.
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Figure 3. Large-scale topographic STM images (300 × 300 nm2) of 0.5 ML Fe deposited onto Ag(111)
substrate kept at 550 K (a) and subsequently oxidized in 1 × 10−6 mbar O2 at 700 K (b). The inset in (a)
(50 × 50 nm2) shows Fe inclusions in Ag(111) at regular terrace sites (marked with blue arrows) and
step edges (orange circle), as well as bcc Fe(110) crystallite (green circle) observed on low-coverage
HT-Fe/Ag(111) sample. The yellow arrows in (b) show the reconstruction-free islands. (c) shows
small-scale image (100 × 100 nm2) with various reconstructed surface regions (marked with green,
blue and red arrows). (d), (e) and (f) show atomically-resolved STM images of the structures marked
with colors in (b) and (c) (5 × 5 nm2, 10 × 10 nm2 and 15 × 15 nm2, respectively). The unit cells are
marked with white rhombuses (see text for details). Tunneling parameters: +0.7 V (a,b,c,e,f, inset in
(a)) and +0.1 V (d), 1.0 nA (a) and 0.4 nA (b,c,d,e,f, inset in (a)); (d)—sum of topography and current
images, (f)—current image.

Generally, the observed topographic features can be divided into the following categories:
(1) Islands exhibiting a 45 Å Moiré superstructure—virtually identical to the one observed on

the RT-FeO/Ag(111) sample—some of which were growing on top of silver terraces and some were
embedded into the top silver layer. An example of such an island is marked with a red arrow in
Figure 3c;

(2) Strained embedded islands without Moiré. An example of such an island is marked with a
blue arrow in Figure 3c. The atomically-resolved image, shown in Figure 3e, reveals an interatomic
spacing of ~3.2 Å, which is very similar to the spacing observed on the Moiré-reconstructed islands.
Strain-induced deformations, originating most probably from the embedment of the island into the
top silver layer, are clearly visible on both STM images. Similar oxide island incorporation into the top
silver layer was observed by other authors for MgO(001) and NiO(100) films on Ag(001) [56–58];

(3) Hexagonal islands with large in-plane atomic periodicity (~6 Å) and large heights (~5–15 Å).
An example of such an island is marked with a green arrow in Figure 3c. The atomic periodicity,
determined from the atomic-resolution STM image shown in Figure 3f, and height indicate that these
islands represent the Fe3O4(111) phase [4];

(4) Structurally ill-defined islands—similar to those observed on the RT-FeO/Ag(111) sample;
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(5) Atomically-flat islands with no visible signs of lattice mismatch-induced reconstructions.
These islands were mostly growing at the lower silver step edges, occasionally being extended in
between the particles growing at the regular terrace sites. Examples of such islands are marked with
yellow arrows in Figure 3b), S1a and S1b. The height of the islands, ~2.4–2.5 Å, is very similar to
the height of a monoatomic step on Ag(111) (~2.35 Å [54]), however, an atomically-resolved STM
image, shown in Figure 3d), revealed that they consist of two superimposed atomic sublattices—a
lattice of small, sharp protrusions (marked with black circles) and a lattice of a bigger and more
diffuse-appearing species (yellow circles). A similarly spaced “lattice” of holes (blue circles) could
be also observed. The contributions from different sublattices were visible on both topography and
current images, however, with different intensities, therefore, the sum of the two images is presented
(for separate topography and current images, see Figures S2a and S2b). The atomic periods within the
respective lattices, determined from ~100 line profiles, were found to be 2.94 ± 0.08 Å. The standard
deviation, obtained numerically, results from thermal drift and STM image distortion caused by
room-temperature imaging at high scanning speed. Notably, the observed atomic structure was locally
defect-free and exhibited no out-of-plane rumpling. Even though the height of these reconstruction-free
islands and the interatomic distances within them were similar to those of clean Ag(111) (2.89 Å),
the appearance of two atomic sublattices was somehow disturbing;

(6) Flat regions in between different types of islands. The height difference between such regions
was ~2.35 Å and corresponded to the height of a monoatomic step on Ag(111). Interestingly, at higher
oxide coverages (>1 ML), these regions were still present and became difficult to be scanned with STM
using negative bias voltages (the tip was crashing the surface). This could indicate that these regions
are not purely silver, but were structurally altered by iron deposition and oxidation.

We believe that the large variety of surface structures observed on the HT-FeO/Ag(111) sample
compared to the RT-FeO/Ag(111) sample is related to the more uniform distribution of iron prior to
oxidation and partial embedment of iron into the top silver layer.

The LEED pattern obtained for the oxidized sample shown in Figure 3b is presented in Figure 4a.
Similarly to the RT-FeO/Ag(111) sample, the HT-FeO/Ag(111) sample exhibited a (1×1) LEED with
no signatures of structural reconstructions. This may be related to the presence of different surface
species, each of which contributed in an insignificant way to the observed pattern.

 
Figure 4. LEED pattern (60 eV) of 0.5 ML FeO film grown by Fe deposition onto Ag(111) substrate kept
at 550 K and post-oxidation (a). (b) shows XPS Fe 2p spectra obtained for the 1.0 ML HT-Fe/Ag(111)
(red line) and 1.0 ML HT-FeO/Ag(111) (black) samples. The Ag 3s signal is marked in blue. Inset in (b)
presents the O 1s spectrum (green line) recorded for the oxidized sample.
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The XPS data recorded for the 1.0 ML HT-Fe/Ag(111) and 1.0 ML HT-FeO/Ag(111) samples are
presented in Figure 4b. The Fe 2p signal obtained for the HT-Fe/Ag(111) sample could be fitted with
two components, centered at around 706.4 eV and 719.6 eV, indicative of the presence of metallic iron.
The spectrum obtained after oxidation had six contributions: 710.2 eV, 712.7 eV, 716.5 eV, 724.0 eV,
726.9 eV and 731.3 eV. The 710.2 eV and 724.0 eV peaks were assigned to originate from Fe2+ ions in
iron oxide and the 712.7 eV and 726.9 eV components from multiplet splitting. The peaks at 716.5 eV
and 731.3 eV were the characteristic Fe2+ satellite peaks. Similarly to the RT-FeO/Ag(111) sample,
the binding energy difference of nearly 6 eV between the main Fe 2p3/2 photoemission line and the
first satellite peak and nearly 7 eV between the main Fe 2p1/2 line and second satellite peak gave clear
evidence for the dominant presence of the Fe2+ iron in the studied sample. Metallic iron, iron in the
Fe3+ oxidation state (originating e.g. from the rarely observed Fe3O4 islands) or contaminants—if
any—were beyond the detection limit of our XPS instrument. The oxygen O 1s signal recorded for this
sample could be fitted with a single peak centered at around 529.8 eV. The Fe to O ratio determined
from the survey spectrum (not shown) was approx. 1:1.

The obtained results reveal that slight modification of the oxide preparation procedure may
lead to the formation of completely different surface structures: Deposition of Fe onto the Ag(111)
substrate held at room temperature and post-oxidation in 1 × 10−6 mbar O2 at 700 K resulted in the
formation of Moiré-reconstructed FeO islands located at the silver step edges, as well as ill-defined
structures located at the regular terrace sites of silver, while deposition of iron onto a 550 K-heated
substrate and post-oxidation resulted in a wide variety of uniformly distributed reconstructed and
reconstruction-free surface species. Even though a slight change in the oxide growth conditions
(iron amount, substrate temperature during deposition, oxygen pressure, oxidation temperature) was
not critically affecting the structure of FeO films on other close-packed single-crystalline substrates
used by different authors so far, the results obtained by us and other groups indicate that on Ag(111)
these parameters play a crucial role. The co-existence of reconstructed and reconstruction-free islands
with different atomic spacing following high-temperature iron deposition and post-oxidation, points
to the high complexity of the Fe-O-Ag system and the need for further studies on this topic. These may
be particularly significant with respect to the determination of the nature of the reconstruction-free
islands. If, indeed, being Moiré-free FeO(111), such islands/films could constitute a perfect system for
model-type electronic, catalytic and magnetic studies. The performed studies also reveal the necessity
of using atomic-resolution techniques, such as STM, for the evaluation of the films structure, as XPS
and LEED may provide misleading results.

In order to shed more light on the nature of the observed reconstruction-free islands, we performed
point STS dI/dz measurements and compared the curves obtained on the islands with those recorded
for clean Ag(111) and other single-crystalline substrate: Pt(111). The I(z) spectroscopy resembles the
exponential change of the tunneling current with changing tip-sample distance [59]. The dependence
can be measured even more precisely by recording the first derivative of the signal, i.e. dI/dz, using the
lock-in technique [60,61]. As the slope of the dI/dz curve is proportional to the average work function
of the sample and tip, the technique allows distinguishing surfaces with different work function values
(assuming a constant work function of the tip during all the measurements). The I(z) method was,
for example, successfully applied by other authors to determine local work function variations within
the Moiré superstructure of FeO(111)/Pt(111) [62].

The recorded dI/dz curves are shown in Figure 5. The inset presents excerpts from the curves
(slopes) plotted in a logarithmic scale. As expected, the slopes of the curves obtained for the
probed single crystal surfaces differed significantly, in agreement with their different work function
values (the literature values are 4.46–4.50 eV [36,37] and 6.08–6.4 eV [34,63–65] for Ag(111) and
Pt(111), respectively). The slope of the curve obtained for the reconstruction-free islands on the
HT-FeO/Ag(111) sample was much higher than that of clean Ag(111) and lower than that of Pt(111).
The measurements were repeated several times for different sample preparations (and by changing all
three samples in a random way to exclude changes in the tip condition in between the measurements)
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and the trend was always the same. Based on this, it may be concluded that the islands work function
value is higher than the work function of silver and lower than the work function of platinum.

 

Figure 5. dI/dz curves obtained from clean Ag(111) (black solid curve), clean Pt(111) (black dotted
curve) and the reconstruction-free islands grown by Fe deposition onto a Ag(111) substrate kept at 550 K
and post-oxidation (red curve). The inset presents the slopes of the curves plotted in a logarithmic scale.

3.3. Calculations on a Conceptual Reconstruction-Free FeO/Ag(111)

In order to determine the structure and properties of a conceptual reconstruction-free
FeO/Ag(111), the FeO film was modelled using a 1×1 surface unit cell, thus adopting the lattice
constant of the Ag(111) support. This means that during the structural optimization of the systems,
the FeO(111) lattice was slightly compressed to match the lattice of Ag(111). Such approach did not
allow for any kind of in-plane reconstructions. The results were obtained for the calculated Ag bulk
lattice constant of 4.155 Å (PBE) and FeO lattice constant of 4.288 Å (PBE+U). These values differ by
3.1%, while the experimentally-determined lattice parameters of Ag (4.086 Å) and FeO (4.32 Å) differ
by 5.7%. Therefore, a similar set of calculations, including structural optimizations of the considered
monolayer and bilayer FeO(111) systems, was performed using the experimental lattice constants
of Ag and FeO. Importantly, the calculated geometries, presented in SM3, do not show substantial
differences with respect to those obtained with theoretically determined lattice constant values.

Several configurations of Fe-terminated and O-terminated FeO(111)/Ag(111) systems were
examined, considering both Fe and O atoms placed in fcc or hcp hollows, as well as on top of Ag
atoms. The most stable Fe-termination was found to be the one with Fe atoms occupying fcc positions
and O atoms in the hcp hollow sites, with an O–Ag distance of 2.45 Å and an Fe–O distance of 0.90 Å.
Other Fe-terminations were by at least 10 meV (with respect to the total energy) less favored. The most
stable O-termination was again the one with Fe and O atoms sitting in the threefold coordinated fcc
and hcp hollow sites of the Ag(111) surface, respectively, with an Fe–Ag distance of 2.35 Å and an
O–Fe distance of 0.82 Å. This configuration (presented in Figure 6a) was by 0.79 eV energetically more
favored than the Fe-terminated one. It has to be mentioned that for the 1×1 supercell calculations,
this configuration was nearly degenerated in energy with the one with Fe in hcp and O in fcc sites
(which was less stable by only 2 meV). The calculations performed using a 2×2 supercell confirmed
the same preference of adsorption sites with a total energy difference of 6 meV, and those performed
using the experimental lattice constant of Ag (4.086 Å) showed that the two configurations differ by 15
meV. Another O-termination, with O atoms in the on-top positions and Fe atoms in either fcc or hcp
sites, were by 89 meV less favored. Based on those findings, further calculations were performed for
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the most energetically-stable O-terminated structure with Fe in the threefold coordinated fcc sites and
O in the hcp hollow sites.

Figure 6. Side views of calculated O-terminated monolayer (a) and bilayer (b) reconstruction-free
FeO(111) films on Ag(111), as well as 3-MLs-thick FeO slab (c), determined from PBE+U calculations
using a 1×1 surface unit cell with fixed 2.938 Å FeO(111) and Ag(111) in-plane lattice constants
(FeO(111) film adopting the geometry of the Ag(111) substrate). All distances are given in Å.

The calculated total height of the O-terminated monolayer FeO(111) film was found to be 3.17 Å.
A strongly reduced Fe–O interlayer spacing (0.82 Å) in the FeO(111)/Ag(111) system compared to
bulk FeO (1.25 Å) [66] is of similar magnitude to that reported for FeO(111)/Pt(111) [66] and results
from a complex stabilization mechanism, i.e. an interplay between structural relaxation, polarity
compensation, charge transfer and magnetic ordering [67–70]. The calculated adhesion energy of
the FeO(111) monolayer on Ag(111) was found to be 0.91 eV per Fe atom. This is much less than
that reported for the FeO(111) monolayer Pt(111) (1.36 eV [18]), but it is doubled compared to the
value obtained for FeO(111) on Ag(100) (0.46 eV [18]). The difference in the adhesive bond strength is
reflected in the structural properties of the FeO film. The Fe–Ag distance for FeO(111) supported on
Ag(111) and Ag(100) is, respectively, 2.35 Å and 2.65 Å, whereas the Fe–Pt distance at the FeO/Pt(111)
interface is ~2.7 Å (it varies slightly over different high-symmetry regions of the Moiré supercell) [31].
Interestingly, the reduction of the FeO-substrate bonding distance with the enhanced adhesive energy
strength does not lead to a regular change in the distance between oxygen and iron planes in the
FeO(111) monolayer (rumpling), which is largest (0.82 Å, Figure 6a) for FeO/Ag(111) and smallest
(0.26 Å [18]) for FeO/Ag(100). For the FeO/Pt(111) it is ~0.7 Å [31]. The difference between the
values obtained for FeO(111)/Ag(111) (this work) and FeO(111)/Ag(100) [18] may originate from
different substrate orientation (Ag(111) vs. Ag(100)) and the computational unit cell used (1×1 vs.
p(2×11)) which, in our case, did not allow for any in-plane relaxations. An inspection of the calculated
Bader charges (SM4 and Figure S3) on the interface atoms of the FeO(111) monolayer deposited
on a Ag(111) substrate showed that adsorption of a FeO film results in the appearance of negative
charges on silver (0.17 |e|) and iron (0.04 |e|) atoms, gained at the expense of oxygen (0.24 |e|).
This charge transfer may be important with respect to films stabilization. Another stabilizing factor
may be the magnetic superstructure. It is worth noting that the applied 1×1 (or a larger 2×2) surface
unit cell gives a ferromagnetic (FM) ground state and does not allow an antiferromagnetic (AFM)
superstructure, which results from magnetic frustration of antiferromagnetic FeO on the three-fold
symmetric oxide layer, to be reproduced [31]. Such a magnetic superstructure is observed, indeed,
if a 3×3 or a (

√
3×√

3)R30◦ surface unit cell is applied, where the number of Fe atoms in a layer is a
multiple of three with a 1:2 ratio of Fe atoms with opposite magnetic moments. In that case, the AFM
structure is by 0.26 eV per FeO unit more stable than the FM one. However, the AFM alignment
of magnetic moments on Fe atoms makes the iron layer distinctly rumpled, with Fe atoms of one
direction of magnetization being by around 0.5 Å more distant from the Ag(111) surface than those
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with opposite magnetization (Figure S4). Such rumpling could be, potentially, experimentally observed
below the Néel temperature of FeO (~198 K [71]).

The bilayer FeO(111) film was modelled by placing a second monolayer of FeO(111) on top of
the FeO(111)/Ag(111) slab, originally in a flat configuration, with Fe over surface Ag atoms and O
atoms in fcc positions over Fe atoms in the first FeO layer (Figure 6b). Upon structural optimization,
the lateral positions of Fe and O atoms remained unchanged and the atoms relaxed only vertically.
Both FM and AFM stackings of ferromagnetically ordered adjacent FeO layers were considered. The
AFM configuration appeared to be by 63 meV more stable than the FM one and, thus, it was adopted
in further calculations. The height of the first (interface) monolayer increased to 3.52 Å due to a
substantial increase of the O–Fe distance (to 1.29 Å). The thickness of the second (top) monolayer was
2.30 Å, with an O–Fe distance of 0.86 Å. The distance between the iron oxide layers was 1.44 Å and
the distance between the Fe atoms in the bottom layer and the silver support was reduced to 2.23 Å.
These values suggest strengthening of the adhesive bond between the bilayer FeO(111) and the silver
support compared to monolayer FeO film on Ag(111). It has to be mentioned that the results obtained
for monolayer and bilayer FeO(111) films did not change with a change of the supercell from 1×1 to
2×2. Notably, the height of the experimentally observed reconstruction-free islands (2.4–2.5 Å) differs
significantly from the value calculated for a monolayer FeO on Ag(111) (3.2 Å). In fact, the experimental
value is more similar to the height of the calculated second FeO layer on Ag(111) (2.3 Å). It is, of course,
possible that the height of the experimentally observed structures, if indeed being FeO, is affected by
stabilization mechanisms that were not taken into account in our theoretical considerations. One could
also speculate that the experimentally observed structures are the second-layer FeO islands which grow
on top of the first-layer FeO islands embedded in the silver substrate. This would make FeO/Ag(111)
system similar to MgO(001)/Ag(001) and NiO(100)/Ag(001) [56–58]. On the other hand, the second
FeO(111) layer on Pt(111) was reported to undergo strong structural relaxations resulting from polarity
compensation [72,73].

To compare the atomic structures, we simulated, based on the calculated geometries, the STM
images of 1 ML FeO/Ag(111) and 2 MLs FeO/Ag(111) and set them side by side with the
atomic-resolution image obtained experimentally on one of the reconstruction-free islands (Figure 7a–c,
respectively). The simulated STM images for 1-ML-thick and 2-MLs-thick films differ by contrast,
however, they both seem to fit the experimental image, where the smaller protrusions observed
experimentally would correspond to iron atoms, the bigger to oxygen atoms and the holes to the
positions of silver atoms.

 
Figure 7. Atomic-resolution STM image (1.73 × 1.73 nm2, V = +0.1 V, I = 0.4 nA) obtained on
the reconstruction-free island on the HT-FeO/Ag(111) sample (a). (b) and (c) present simulated
images of a 1-ML-thick and 2-MLs-thick reconstruction-free FeO(111) films on Ag(111), respectively
(see text for details). The simulation is based on density functional theory (DFT) calculations and the
Tersoff-Hamann method [41]. The FeO(111)-(1×1) unit cell is marked with a white rhombus.

95



Nanomaterials 2018, 8, 828

In order to check the influence of the Ag(111) substrate on the structure of 1-ML-thick and
2-MLs-thick FeO(111) films, we also simulated a free-standing 3-MLs-thick (six atomic layers) FeO(111)
slab and compared its parameters with those of Ag(111)-supported films (see Figure 6c and SM4).
As the antiferromagnetic configuration of alternating layers was found to be by 2.01 eV more favored
than the ferromagnetic one, the further description is given for the AFM phase. The slab is asymmetric
due to differently terminated sides which makes the interlayer separations at the O-terminated and
Fe-terminated sides, respectively, shrink or expand. Notably, the distances between the inner Fe and O
planes (1.32–1.43 Å) were found to be close to the calculated Fe–O spacing in a bilayer FeO(111) on
Ag(111) (1.29–1.44 Å) and in bulk FeO (1.25 Å) [66]. The similarity between the Ag(111)-supported
bilayer FeO(111) film and a free-standing 3-MLs-thick FeO(111) slab was also reflected in the calculated
Bader charges and magnetic moments (SM4). The magnitude of both electron charges and magnetic
moments on atoms of the top surface layer of a bilayer film and a free-standing slab is mainly
determined by the presence of the surface. In both structures, the O and Fe atoms of the outermost
layer lose 0.25 and 0.41–0.43 electrons, respectively. The electron charge gain on Fe1 atoms of the
bilayer (0.51 |e|) and Ag1 atoms of the substrate (0.19 |e|) indicate the weak character of the
FeO–Ag bonding. The magnetic moments on atoms of the outermost FeO layers of the bilayer and
a free-standing 3-MLs-thick slab are nearly the same, which means that they are determined by the
presence of both the surface and the underlying FeO monolayer. In contrast, when a monolayer FeO
is placed directly on Ag(111), magnetic moments on oxygen atoms (0.39 μB) are induced and the
moments on Fe atoms are enhanced compared to “FeO-supported” FeO layer.

The partial densities of electronic states (PDOS) calculated for the FeO(111) monolayer on Ag(111),
the second FeO layer from a bilayer FeO(111) film on Ag(111) and the top FeO layer from the
3-MLs-thick FeO slab are presented in Figure 8a–c. The similarity between the electronic structure
of all three systems can be seen, especially when comparing the second FeO layer on Ag(111) and a
free-standing FeO slab. It suggests that the density of states is mainly determined by the presence
of the surface and not by the interaction with the Ag(111) support. However, the presence of the
underlying FeO layer is important for the opening of an energy gap of 0.7–0.9 eV in the topmost FeO
layer (in the majority spin states; see Figure 8b,c). The Fe-DOS is dominated by the Fe 3d states and
the O-DOS by the O 2p states. There is also a great asymmetry in the majority and minority spin states,
in particular in those belonging to Fe. The former is almost completely occupied, whereas the latter
are mostly empty.

Based on the performed calculations, it may be concluded that the second FeO(111) layer on
Ag(111) has a “free-standing FeO” character.

The calculated work function values of a monolayer FeO(111) film on Ag(111) range from 5.87 eV
(AFM configuration, (

√
3×√

3)R30◦ unit cell) to 6.56 eV (FM configuration, 1×1 unit cell) (see SM5
for values obtained for different configurations of magnetic arrangements and computational unit
cells). Bilayer FeO has an even higher work function value: 6.67 eV. Notably, both values are much
higher than the work function of clean Ag(111). The value roughly determined by us experimentally
using dI/dz spectroscopy for the reconstruction-free islands seems to be similar to that calculated for
monolayer FeO/Ag(111) and lower than the one calculated for bilayer FeO.
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Figure 8. Partial densities of electronic states (PDOS) of a FeO(111) monolayer on Ag(111) (a), second
FeO(111) layer from a bilayer FeO(111) film on Ag(111) (b) and the top FeO layer from a free-standing
3-MLs-thick FeO(111) slab (c), resulting from PBE+U calculations.

4. Conclusions

We used STM, LEED and XPS to study ultrathin FeO films grown on Ag(111) using two different
procedures: (1) By depositing iron onto a silver substrate kept at room temperature and post-oxidizing
it and (2) by depositing iron onto a silver substrate kept at 550 K and post-oxidizing. Following
the procedure (1), we observed the formation of islands exhibiting a 45 Å Moiré superstructure.
These islands grew mainly at the silver step edges, which is related to iron agglomeration at these
surface sites following room-temperature deposition. Procedure (2) was found to lead to the formation
of various reconstructed and reconstruction-free surface species, where the reconstruction-free ones
grew mainly at the lower silver step edges, while the other species were uniformly distributed across
the silver surface. The difference in the growth mode compared to procedure (1) is related to the
formation of uniformly distributed bcc Fe(110) crystallites following 550 K deposition and partial
embedment of iron/iron oxide in the top silver layer. The results of this and other works on the
FeO/Ag(111) indicate the critical role of the growth conditions on the structure of the obtained
films. To the best of our knowledge, such dependence has not been observed for FeO on any other
close-packed single-crystalline substrate so far. It is now evident that at least two different Moiré
superstructures may be formed for FeO/Ag(111), i.e. the 26 Å 8 FeO×9 Ag superstructure ([17–19])
and the 45 Å 14 FeO×9

√
3 Ag (this work), the growth of which is accompanied by the formation of

various ill-defined and reconstruction-free surface species. With respect to the reconstruction-free
species, their unambiguous compositional identification is not trivial, however, their atomic structure
and electronic characteristics seem to differ from those of clean Ag(111), thus it is tempting to
assign them to Moiré-free FeO. The performed DFT calculations indicate that a reconstruction-free
FeO(111) film on Ag(111), if successfully grown, should exhibit tunable thickness-dependent properties,
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being substrate-influenced in the monolayer regime and free-standing-FeO-like when in the bilayer
form. The latter could constitute a perfect model system for electronic, catalytic and magnetic studies.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/10/828/s1,
Overview of the literature data concerning the preparation of iron oxide films on silver single crystal
supports, detailed X-ray photoelectron spectroscopy data, geometrical details of the calculated FeO systems,
numerically-determined Bader charges, magnetic moments and work function values, additional figures.
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Abstract: Iron oxide films epitaxially grown on close-packed metal single crystal substrates exhibit
nearly-perfect structural order, high catalytic activity (FeO) and room-temperature magnetism
(Fe3O4). However, the morphology of the films, especially in the ultrathin regime, can be significantly
influenced by the crystalline structure of the used support. This work reports an ultra-high vacuum
(UHV) low energy electron/synchrotron light-based X-ray photoemission electron microscopy
(LEEM/XPEEM) and electron diffraction (μLEED) study of the growth of FeO and Fe3O4 on two
closed-packed metal single crystal surfaces: Pt(111) and Ru(0001). The results reveal the influence of
the mutual orientation of adjacent substrate terraces on the morphology of iron oxide films epitaxially
grown on top of them. On fcc Pt(111), which has the same mutual orientation of adjacent monoatomic
terraces, FeO(111) grows with the same in-plane orientation on all substrate terraces. For Fe3O4(111),
one or two orientations are observed depending on the growth conditions. On hcp Ru(0001), the
adjacent terraces of which are ‘rotated’ by 180◦ with respect to each other, the in-plane orientation of
initial FeO(111) and Fe3O4(111) crystallites is determined by the orientation of the substrate terrace
on which they nucleated. The adaptation of three-fold symmetric iron oxides to three-fold symmetric
substrate terraces leads to natural structuring of iron oxide films, i.e., the formation of patch-like
magnetite layers on Pt(111) and stripe-like FeO and Fe3O4 structures on Ru(0001).

Keywords: iron oxides; FeO; Fe3O4; ultrathin films; epitaxial growth; platinum; ruthenium;
symmetry; LEEM; LEED; XPEEM

1. Introduction

Iron oxides exhibit unique physical and chemical properties that find applications in various
industrial fields. The properties of iron oxide nanostructures, such as nanoparticles or thin films, differ
from those of the corresponding bulk oxides, which is related to their limited dimensionality and –
in the case of thin films—the interaction with the substrate on which they grow. It has been shown
that ultrathin wüstite (FeO) films exhibit superior catalytic activity in the CO oxidation reaction [1,
2], which is related, among other factors, to the strong film–substrate interaction [3]. Ultrathin
(few-nanometers-thick) magnetite (Fe3O4) films, on the other hand, have been shown to exhibit ferro-
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(ferri-)magnetic ordering at room temperature [4–6], with magnetic properties dependent on the
morphology of the films influenced by the structure of the used support [7].

Iron oxide films can be grown on various metal single crystal substrates, the two most commonly
used of which are cubic Pt(111) [8] and hexagonal Ru(0001) [9]. Even though the surfaces of both
of these substrates exhibit close-packed atomic planes with relatively similar lattice spacing, being
2.78 Å for Pt(111) and 2.71 Å for Ru(0001), their bulk crystal structures determine different in-plane
orientation of adjacent atomic terraces on stepped surfaces. In the case of fcc platinum, the orientation
is identical and results from the ABCABC-stacking. In the case of hcp ruthenium, the terraces are
‘rotated’ by 180◦ with respect to each other (when looking at the mutual positions of atoms in the first
two atomic layers of each terrace [10]), which is a consequence of the ABAB-stacking. These differences
are schematically shown in Figure 1.

 
Figure 1. Schematic drawings showing the mutual orientation of adjacent monoatomic terraces on
stepped fcc(111) and hcp(0001) surfaces (only the first two atomic layers are shown for each terrace;
based on a similar figure published in Reference [10]).

On Pt(111), iron oxide films grow via the so-called Stranski–Krastanov (layer + islands) mode [8].
Firstly, an FeO layer is formed in direct contact with the metal support. Then, three-dimensional
Fe3O4 islands start to nucleate on top of FeO. These islands may ultimately coalesce and form a closed
magnetite film at a total thickness of >100 Å [8]. On Ru(0001), the growth mode depends on the
preparation conditions: The use of O2-assisted Fe deposition onto a heated substrate results, similarly
to the case of Pt(111), in the formation of Fe3O4(111) islands growing on top of FeO(111) [9]. Iron
deposition onto a substrate kept at room temperature and post-oxidation, on the other hand, results in
an additional thermodynamically-driven transformation of the FeO(111) film underneath Fe3O4(111)
islands to magnetite (so that Fe3O4 grows directly on Ru(0001) [11]). FeO(111) itself preferably grows
as an Fe-O monolayer (ML) on Pt(111) [8] (with the possibility of stabilizing up to 2.5 MLs under certain
growth conditions) and as an Fe-O-Fe-O bilayer on Ru(0001) [9] (with the possibility of stabilizing a
structurally ill-defined monolayer [11] or a 4 MLs-thick film [9] using certain preparation recipes). The
oxide has a rock-salt structure and, when looking along ‹111› direction, consists of alternately stacked
close-packed layers of Fe2+ and O2- ions, with iron atoms located at the interstitial sites of the oxygen
lattice [8]. Due to the lattice mismatch between the oxide and the support (FeO(111) has an in-plane

104



Nanomaterials 2018, 8, 719

lattice constant of around 3.1 Å), ultrathin FeO films are characterized by Moiré superstructures the
fingerprints of which can be observed in scanning tunneling microscopy (STM) images and low energy
electron diffraction (LEED) patterns [8,9]. The coincidence structures responsible for the formation of
such superstructures on Pt(111) and Ru(0001) are 8 FeO units on 9 Pt units and 7 FeO units on 8 Ru
units (resulting in 25 Å and 21.6 Å Moiré periodicities, respectively). Fe3O4(111), on the other hand, has
an inverse spinel structure with a mixture of Fe2+ Fe3+ ions arranged in Kagomé-type and mix-trigonal
layers separated by close-packed O2- planes. The interatomic distances within the mix-trigonal lattices
equal to the distances between unoccupied sites in the Kagomé lattices and are twice as large as those
in the oxygen lattice (approx. 6 Å vs. 3 Å). This gives rise to the characteristic (2 × 2) LEED pattern
and accounts for the atomic spacing seen in the STM images [12].

Low energy electron microscopy (LEEM) is a powerful tool that allows real-time observation
of thin films growth with a nanometer-scale resolution. When equipped with an imaging energy
analyzer and used with a synchrotron light as an excitation source, it can be operated in the X-ray
photoemission electron microscopy (XPEEM) mode which allows obtaining chemical contrast on the
acquired images. The instrument also gives the possibility to record micro-spot low energy electron
diffraction (μLEED) patterns from the selected sub-micrometer-sized regions. A complete overview of
the LEEM-based techniques can be found in [13].

LEEM was used by various research groups for the studies of iron oxide films on Pt(111), Ru(0001)
and Ag(111) (see e.g. References [6,11,14–18]). The results provided information on the growth,
structure, electronic and magnetic properties of the films at the nanometer-scale. However, none
of these studies comprehensively addressed the influence of different substrates’ symmetry on the
structure of iron oxide islands and films grown on top of them.

This work reports a comparative LEEM/XPEEM and μLEED surface science study of the growth
and structure of FeO and Fe3O4 films on Pt(111) and Ru(0001). In addition to the well-known
dependence of the film morphology on the growth conditions, the results reveal the influence of
the substrates’ symmetry—more precisely: the mutual orientation of adjacent substrate monoatomic
terraces—on the structure of iron oxide islands and films epitaxially grown on top of them. The
established procedures allow the preparation of naturally structured wüstite and magnetite layers that
may find potential applications in future spintronic devices.

2. Materials and Methods

The experiments were performed using the SMART instrument (built up within a collaboration of
several German groups [19,20]) located at the BESSY II synchrotron of the Helmholtz-Zentrum Berlin
(HZB) (beamline UE49-PGM-SMART). The instrument is an aberration-corrected and energy-filtered
spectro-microscopy system operating under ultra-high vacuum (UHV; base pressure: 1 × 10−10 mbar).
It combines real-time electron- and X-ray-based microscopy (LEEM, XPEEM) and electron diffraction
(μLEED), being a perfect tool for the studies of the growth and structure of epitaxial thin films (see
Refs. [19] and [20] for more details).

Pt(111) and Ru(0001) single crystals (purity 99.999%; from MaTeck GmbH, Jülich, Germany)
were cleaned by repeated cycles of 1 keV Ar+ ions sputtering at room temperature, annealing in
1 × 10−6 mbar O2 at 800–1000 K (Ar and O2 99.999% pure; from Westfalen AG, Münster, Germany)
and in UHV at 1300 (Pt(111)) or 1450 K (Ru(0001)). The crystalline order and cleanliness of the
substrates were monitored with LEEM, μLEED and XPS. Iron (99.995%; Alfa Aesar GmbH, Karlsruhe,
Germany) was deposited using a commercial evaporator (Focus GmbH, Hünstetten, Germany) onto
the substrates kept at room temperature and post-oxidized in 1 × 10−6 mbar O2 at 900 K for several
minutes. The Fe deposition rate was determined from the obtained LEEM images (1 ML of iron is
defined as the amount needed for the formation of a closed FeO(111) film on Pt(111); calibration
accuracy: +/−5%). The temperature of the samples was controlled using an infrared pyrometer
(LumaSense Technologies, Inc., Santa Clara, CA, USA).
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The growth and structure of iron oxide films were characterized by LEEM, XPEEM and μLEED.
The energies at which the data were taken are indicated in the captions of the figures. The LEEM-IV data
presented in this work were obtained by plotting the intensity of a certain surface region from a series
of images recorded at different beam energies, the dark field (DF) LEEM-IV curves from a series of
dark field images acquired by mapping a particular diffraction spot, while the XPEEM-IV spectra from
a stack of XPEEM images taken at different kinetic energies (the resulting XPEEM-IV curves, calibrated
with respect to the valence band, are equivalent to micro-spot X-ray photoelectron spectroscopy (μXPS)
spectra). Some sets of spectra were additionally normalized to allow for direct comparisons.

3. Results and Discussion

Figure 2a presents a LEEM image of iron oxide structures grown on Pt(111) by ~1.9 MLs iron
deposition under UHV and subsequent oxidation in 1 × 10−6 mbar O2 at 900 K. For these particular
support, iron coverage and oxidation conditions, a formation of a closed FeO(111) film with nucleating
Fe3O4(111) islands on top, was expected [8]. Interestingly, at certain energies, three different contrasts
were observed on the acquired LEEM images, visible as light grey and dark grey hexagonal and
irregularly-shaped islands on a bright background (these structures can be seen more clearly in the
inset to Figure 2a).

 
Figure 2. LEEM image (energy: 10 eV) (a) and μLEED pattern (energy: 42 eV) (b) of iron oxide
structures grown on Pt(111) by ~1.9 MLs Fe deposition under UHV at RT and post-oxidation in
1 × 10−6 mbar O2 at 900 K; the Pt(111), FeO(111) and Fe3O4(111) unit cells are marked on the μLEED
pattern with green, grey and red rhombuses, respectively; (c) presents DF-LEEM images obtained
by using the diffraction spots of FeO(111) (imaging energy: 17 eV) and Fe3O4(111) (10 eV) (marked
in colors in (b)), while (d) shows the DF-LEEM-IV curves plotted from stacks of different DF-LEEM
images taken at different energies (the corresponding pairs of curves were normalized and the curves
were offset for clarity); (e) presents the XPEEM-IV data (photon energy: 150 eV) plotted for various
surface regions that correspond to different iron oxide structures.
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The μLEED pattern taken from this surface is shown in Figure 2b. Contributions from several
ordered surface structures could be identified: Six main (1 × 1) reflexes were assigned to the substrate
Pt(111). Six additional spots, positioned closer to the (0;0) spot and representing a larger interatomic
spacing, were assigned to originate from FeO(111). Satellite spots around the Pt(111) spots are known
to result from the multiple scattering at the Moiré superstructure [8]. Additional (2 × 2) spots with
respect to Pt(111)-(1 × 1) spots were tentatively assigned to originate from Fe3O4(111) [8,12]. The
number and shape of the Moiré satellite spots indicated the presence of a bilayer (Fe-O-Fe-O) film [21].
The precise assignment of different surface species visible in LEEM was possible thanks to dark field
images obtained using the diffraction spots originating from different surface structures (the images are
presented in Figure 2c with a color-code that follows the marks on the μLEED pattern in Figure 2b). The
results confirmed that the bright background is FeO(111), while the light grey and dark grey islands are
Fe3O4(111). In general, FeO(111) and Fe3O4(111) have a three-fold rotational symmetry, which is the
same as the substrate Pt(111), and, therefore, can potentially grow on a three-fold symmetric substrate
in two domains rotated with respect to each other by 180◦. It was indeed shown in Ref. [22] that
FeO(111) can grow in such two domains on Pt(111), where one domain orientation is more favored than
the other. However, closed films were found to exhibit only one (more favored) orientation, which is in
line with the morphology observed in our experiments. Similarly, for Fe3O4(111), which grows on top
of FeO(111)/Pt(111), two quantitatively inequivalent in-plane orientations were reported in Refs. [12]
and [15] (as could be expected for three-fold symmetric Fe3O4(111) growing on three-fold symmetric
FeO(111)). However, in our case, dark field imaging of the two neighboring Fe3O4(111) diffraction
spots (i.e., the (2 × 2) spots with respect to Pt(111)-(1 × 1) spots) did not result in two different image
contrasts, thus indicating that all Fe3O4 islands have the same in-plane orientation (Figure 2c). As the
contrast on the DF-LEEM images may also depend on the beam energy, we recorded DF-LEEM-IV
curves for two neighboring μLEED spots of each type, i.e., the FeO-Moiré spots and the Fe3O4-(2 × 2)
spots (the resulting curves are displayed in Figure 2d and marked in colors corresponding to the rings
in Figure 2b). In both cases, the corresponding curves had the same character, which confirmed the
same orientation of FeO(111) and Fe3O4(111) on all substrate terraces. Notably, at certain energies,
the FeO signal could also be observed at the positions of the light grey and dark grey islands. This
indicated that FeO was present underneath Fe3O4 and that the magnetite islands were relatively thin
(thinner than the probing depth of the DF-LEEM). The contrast in LEEM may, of course, also depend on
complex interactions between different layers and has to be interpreted with proper caution, however,
the observed growth seems reasonable, taking into account the deposited amount of iron and the
existing knowledge on the structure of iron oxide films on Pt(111).

The recorded XPEEM data allowed us to plot XPEEM-IV curves from each type of region and
determine the compositional differences between the FeO background and two types of Fe3O4 islands.
The data recorded for the binding energy range where the Fe 3p signals are known to appear are shown
in Figure 2e (we used the 3p signals instead of the commonly used 2p due to the specific set-up of
the beamline in which lower photon energies result in higher intensity). The spectrum obtained by
plotting the intensity from the whole field of view (not shown) revealed a broad and asymmetric peak,
indicating superposition of components originating from iron in different oxidation states (i.e., Fe2+ and
Fe3+, which occur at the low and high energy sides of the spectrum, respectively [17]). The curve taken
locally from the regions assigned to FeO(111) shows a pronounced maximum at the low energy side,
indicating the expected dominant presence of Fe2+ iron in these regions. The spectrum recorded from
the dark grey islands, on the other hand, has a contribution of both components, with Fe2+ signal being
more pronounced than the Fe3+. The plot obtained for the light grey islands is similar but with higher
contribution of Fe3+ ions. Higher amount of Fe3+ in the light grey Fe3O4 islands indicated that they
were thicker than the dark grey islands, so that less (or no) Fe2+ signal was detected from the FeO layer
underneath the islands (the amount of Fe2+ ions per unit volume is higher in FeO than in Fe3O4). In
general, the obtained results are in line with other reports on the growth of iron oxide films on Pt(111)
following 1-2 MLs Fe deposition under UHV and post-oxidation in 1 × 10−6 mbar O2 at 900 K, i.e.,
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they reveal the formation of an FeO(111) layer with a mix-valence Fe3O4(111) islands of different height
nucleating on top of it. The most important observation made was that all the iron oxide structures grown
in that way have the same in-plane orientation with respect to the substrate Pt(111).

Deposition of the same amount of iron onto Ru(0001) and post-oxidation resulted in a slightly
different sample morphology, as can be seen on the LEEM image in Figure 3a. The μLEED pattern
taken from this surface is presented in Figure 3b. Again, LEEM showed bright background with light
grey and dark grey islands, while μLEED pattern was a superposition of diffraction spots originating
from Ru(0001) ((1 × 1) spots arrangement), FeO(111) ((1 × 1), larger interatomic spacing than that of
Ru(0001)), Moiré (satellite spots around the Ru(0001)-(1 × 1) spots) and Fe3O4(111) ((2 × 2) spots with
respect to the Ru(0001)-(1 × 1) spots) (the pattern can be directly compared with the one published
in [14], as they were taken at similar beam energy). DF-LEEM images (Figure 3c) revealed that the
bright background is FeO(111) and that the dark islands are Fe3O4(111). The amount of Fe3O4(111)
islands was lower than in the case of Pt(111), however, the average size of the islands was larger.
Interestingly, the light grey islands were found not to show any intensity when mapping the FeO
diffraction spots and only weak contrast (noise level) at certain energies when mapping the (2 × 2)
spots visible in μLEED. In general, the oxidations parameters used should promote, similarly to the
case of Pt(111), the growth of bilayer FeO(111) film on Ru(0001) [9] and the appearance of higher
order Moiré satellite spots confirmed the presence of such a film in our experiments. However, the
amount of deposited iron was not sufficient for the formation of a closed bilayer FeO(111) film fully
covering the Ru(0001) substrate. Taking this into account, the light grey islands could be assigned to
exposed Ru(0001) and the weak contrast observed when mapping the (2 × 2) LEED spots to oxygen
chemisorbed on Ru(0001) (forming the well-known 3O structure [23]).

 

Figure 3. LEEM image (energy: 10 eV) (a) and μLEED pattern (energy: 42 eV) (b) of iron oxide
structures grown on Ru(0001) by ~1.9 MLs Fe deposition under UHV at RT and post-oxidation in
1 × 10−6 mbar O2 at 900 K; the Ru(0001), FeO(111) and Fe3O4(111) unit cells are marked on the μLEED
pattern with black, yellow and red rhombuses, respectively; (c) presents DF-LEEM images (red circles
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mark the same sample position) obtained by using the diffraction spots of FeO(111) (imaging energy:
20 eV) and Fe3O4(111) (26 eV; different position than the one at which FeO(111) images were taken)
(marked in colors in (b)), while (d) shows DF-LEEM-IV curves plotted from stacks of DF-LEEM images
taken at different energies (the corresponding pairs of curves were normalized and the curves were
offset for clarity); (e) presents the XPEEM-IV data (photon energy: 150 eV) plotted for various surface
regions that correspond to different iron oxide structures.

The observed Fe3O4(111) islands had a triangular shape and were similar to those reported in
Refs. [6,11,14]. ‘Left-‘ and ‘right-oriented’ triangles could be observed, indicating two possible in-plane
orientations of Fe3O4(111) on Ru(0001). Interestingly, within one substrate terrace, only one islands’
orientation could be seen (Figure 4) (the only exceptions were the biggest islands that were crossing several
terraces—in their case, the borders were probably set by step bunches). Dark field images presented in
Figure 3c did not only confirm the 180◦ rotation of Fe3O4(111) on adjacent Ru(0001) terraces (islands with
the same orientation, marked with yellow arrows, show much higher intensity when mapping a particular
Fe3O4 diffraction spot), but also the same rotation of FeO(111) (again, on each substrate terrace only one
orientation of FeO(111) was observed). The latter results in the formation of a stripe-like FeO structure on
Ru(0001). It has to be mentioned that such a growth mode was already predicted for FeO(111)/Ru(0001) in
Ref. [24] based on the six-fold symmetry observed in LEED of few-nanometers-thick FeO(111) films. The
180◦ rotation is related to the structure of stepped Ru(0001) surfaces, as described in the Introduction (see
Figure 1). A single monoatomic Ru(0001) terrace has a three-fold symmetry [10], same as FeO(111) and
Fe3O4(111), therefore it seems intuitive that the epitaxially growing iron oxide will align to the structure
of the Ru(0001) substrate (more specifically: to the structure of a particular substrate terrace on which
it grows). The rotation of iron oxides is also evident when looking at the DF-LEEM-IV curves taken
locally from FeO(111) on adjacent substrate terraces, as well as from left- and right-oriented Fe3O4(111)
islands, using the neighboring FeO(111) and Fe3O4(111) diffraction spots, respectively (Figure 3d). The
DF-LEEM-IV curve obtained for one FeO(111) spot from a particular substrate terrace shows the same
character as the curve taken for the other (neighboring) FeO(111) spot from the neighboring terrace.
However, the curves taken from the same terrace using different spots are different (the differences are
marked with black arrows in Figure 3d). The same holds true for left- and right-oriented Fe3O4(111)
islands and neighboring Fe3O4(111) diffraction spots. Different character of the curves with respect to
those obtained for Fe3O4(111) on Pt(111) may be due to the fact that the Fe3O4 islands on Ru(0001) are
much thinner and their I–V characteristics may be differently influenced by the underlying substrate.
With this respect, it is important to mention that dark field mapping of FeO(111) spots did not show
any signal at the location of Fe3O4 islands, thus confirming the expected transformation of FeO(111)
underneath Fe3O4(111) islands to magnetite [9]. The presence of Fe3O4(111)/Ru(0001) interface, different
from the Fe3O4(111)/FeO(111) one observed on Pt(111), may have a strong influence on the oxide’s
I–V characteristic.

The analysis of the obtained XPEEM data (Figure 3e) revealed that both FeO(111) and Fe3O4(111)
structures consist of a mixture of Fe2+ and Fe3+ ions. The presence of Fe+3 ions in magnetite was
expected, however, in wüstite it may only be explained by the presence of iron vacancies in the bilayer
FeO film [24].

To better visualize the registries between FeO(111), Fe3O4(111) and both supports—i.e., Pt(111)
and Ru(0001)—we constructed schematic model of the experimentally observed structures and present
them in Figure 5. The models take into account the lattice mismatch at different metal-oxide interfaces
(FeO(111)/Pt(111), FeO(111)/Ru(0001) and Fe3O4(111)/Ru(0001)), as well as the rotation angle reported
for FeO(111)/Pt(111) [21].
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Figure 4. Excerpt from a LEEM image of iron oxides on Ru(0001) showing the 180◦ rotation of triangular
Fe3O4(111) islands on adjacent monoatomic terraces of the Ru(0001) substrate. The raw image is shown
on the left, while the right hand side shows the same image with marked island contours (in yellow)
and substrate monoatomic step edges (in red). “L” and “R” indicate terraces with ‘left-oriented’ and
‘right-oriented’ islands, respectively.

Figure 5. Schematic models of FeO(111) and Fe3O4(111) structures on Pt(111) and Ru(0001). The
atoms in different iron and oxygen sublattices are partially removed to better visualize their different
arrangement within different sublayers. The models were made using VESTA 3.4.3 computer
software [25].

The fact that Fe3O4(111) islands on both supports exhibit only one in-plane orientation per substrate
terrace is believed to be related to (1) the properties of the substrates and (2) the oxidation temperature
used. It is well established that the preparation of iron oxide films on Pt(111) and Ru(0001) starts with
1-2 ML Fe deposition and post-oxidation in 1 × 10−6 mbar O2 at 900–1000 K—the conditions that
promote the growth of well-defined FeO(111) wetting layers [8,9]. The oxidation temperature of 900
K favors the formation of bilayer FeO(111) on both supports, which is what we also observe in our
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experiments. The prolonged oxidation time may, however, result in the transformation of the second
FeO(111) layer on Pt(111) to Fe3O4(111), so that Fe3O4(111) islands grow on top of the first FeO layer [8],
and in the transformation of the bilayer FeO(111) film on Ru(0001) to Fe3O4(111) (so that Fe3O4 grows
directly on Ru(0001) [11]). Both transformations may potentially occur at the regular terrace sites (and
not at the step edges where Fe3O4 crystallites usually nucleate [8,9]), with Fe3O4 preserving the same
in-plane orientation as the initial FeO. Such growth mode may be driven by various thermodynamic
and kinetic factors. Looking at the iron oxides bulk phase diagram [26], the FeO phase should not be
thermodynamically stable at the oxidation conditions used in our experiments (1 × 10−6 mbar O2 and
900 K). However, earlier studies of other authors revealed that in the case of supported iron oxide films
the formation of various equilibrium and intermediate surface phases, lying outside of the bulk stability
ranges, may be possible [8,9]. On Pt(111), the first FeO layer is stabilized by the strong interaction with
the platinum substrate. The second FeO layer can also grow on top of the first layer at certain growth
conditions, however, it has a much higher surface free energy and, during prolonged oxidation, undergoes
transformation to a more stable Fe3O4 phase. The growth of Fe3O4 is, in turn, a transition state towards
the final transformation to α-Fe2O3 (hematite) which, based on the bulk phase diagram, should be the
thermodynamically most stable phase at these oxidation conditions. Such transformational order is
correlated with an increasing oxidation state of iron (Fe2+ in FeO, mixed Fe2+/Fe3+ in Fe3O4 and Fe3+ in
α-Fe2O3). However, as indicated by the authors of Ref. [26], the complete transformation of Fe3O4 to
α-Fe2O3 would require oxidation times of several hours (unless a higher oxygen pressure is used). It is
thus expected that the observed growth order, i.e., first FeO layer → second FeO layer → transformation
of the second FeO layer to Fe3O4, is related to the relatively low oxidation temperature used, which allows
the initial stabilization of the second FeO layer prior to the onset of the Fe3O4 growth (direct growth of
Fe3O4 islands on the first FeO(111) layer was observed by other authors when the oxidation was carried
out at 1000 K [8]), and low oxidation pressure (which makes transformation to α-Fe2O3 improbable due
to the limited oxidation time). In addition, the amount of iron locally available within the second FeO
layer is not sufficient for the formation of Fe3O4 islands that would cover a similar surface area—that is
why the nucleating magnetite islands grow at the expense of the neighboring second layer FeO regions
which are ‘eaten up’ in the process (the first FeO layer stays intact). The growth of Fe3O4 may, therefore,
lead to the formation of iron vacancies in the FeO regions, which would explain the appearance of the
Fe3+ component in our XPEEM-IV data. The growth is thus kinetically limited, as it depends on the
iron diffusion rate which is lower at lower oxidation temperatures. On Ru(0001), the situation is slightly
different, as the initially stabilized form of FeO, i.e., the bilayer Fe-O-Fe-O film, is more weakly interacting
with the substrate than the monolayer Fe-O film on Pt(111) and undergoes complete transformation to
Fe3O4 (so that the Fe3O4 crystallites grow directly on Ru(0001)). The amount of iron locally available for
the FeO → Fe3O4 transformation is twice as large as on Pt(111) and sufficient for the direct transformation.
The formation of iron vacancies in the vicinity of the growing islands is also possible, however, not
absolutely necessary. The growth is thus not kinetically limited and proceeds more efficiently at the same
oxidation conditions.

In order to verify the influence of the substrate and the growth conditions on the structure of
thicker iron oxide films on Pt(111) and Ru(0001), we deposited additional ~3.8 MLs of iron (which
resulted in a total iron dose of ~5.7 MLs) onto both supports and oxidized in 1 × 10−6 mbar O2 at
900 K. Such a procedure typically leads to the proceeding growth of Fe3O4 [8,9]. The LEEM images
obtained for the as prepared samples are shown in Figure 6a,b for iron oxides on Pt(111) and Ru(0001),
respectively. The deposited amount of iron was not sufficient for the formation of a closed Fe3O4(111)
film on Pt(111), as magnetite islands tend to coalesce at a total film thickness of about 100 Å on this
particular support [8] (where the height of one Fe3O4(111) unit cell is 4.85 Å). Due to this, we expected
the surface to consist of a large number of nucleated Fe3O4(111) islands with some exposed FeO(111) in
between. This morphology can be indeed observed on the LEEM image presented in Figure 6a, which
reveals rough surface. The corresponding μLEED pattern, shown in Figure 6c, consists of strong Fe3O4

reflexes and weak FeO spots—thus supporting the LEEM data. The additional streaks in between
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the (2 × 2) spots are indicative of small Fe3O4 domain sizes. On Ru(0001), the deposition–oxidation
cycle was expected to promote further transformation of FeO to Fe3O4. In fact, the LEEM image
shown in Figure 6b exhibits uniform contrast, thus indicating that the surface is fully covered with
a structurally-uniform iron oxide layer. The μLEED pattern taken from this surface, presented in
Figure 6d, revealed the presence of strong Fe3O4 (2 × 2) reflexes and no diffraction spots originating
from FeO. This confirmed that the initial mixed FeO/Fe3O4 surface transformed, with the help of
the additionally deposited iron, into a uniform Fe3O4 layer. This behavior, different from the one
observed on Pt(111), is related to the fact that Fe3O4 forms much thinner structures on Ru(0001) than on
Pt(111) [6] and, therefore, the coalescence of islands may occur for much lower iron dose. To shed more
light on the structure of as prepared films, we also performed dark field imaging using the Fe3O4(111)
spots marked on the diffraction patterns shown in Figure 6c,d, which resulted in the DF-LEEM images
shown in Figure 6e,f, respectively. Interestingly, two domains rotated by 180◦ around the [111] axis
were observed on both Pt(111) and Ru(0001), resulting in the formation of a patch-like Fe3O4 layer on
Pt(111) and stripe-like magnetite structure on Ru(0001).

 

Figure 6. LEEM images (energy: 10 eV) (a,b) and μLEED patterns (energy: 42 eV) (c,d) of Fe3O4(111)
films grown on Pt(111) (a,c) and Ru(0001) (b,d) by ~5.7 ML Fe deposition (total dose) under UHV at
RT and post-oxidation in 1 × 10−6 mbar O2 at 900 K; the Fe3O4(111) unit cell is marked on μLEED
patterns with red rhombus; (e,f) present DF-LEEM images obtained by mapping the diffraction spots
marked with colors in (c) and (d), respectively (red circles mark the same sample position on respective
images) (imaging energies: 15 (e) and 20 eV (f)).
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The appearance of two island orientations on Pt(111) is believed to be related to the presence
of newly-nucleated Fe3O4 islands that did not form via the transformation of the second FeO layer
to Fe3O4, but through the oxidation of the additionally deposited iron. Such islands should have
higher probability to grow in one of the two possible orientations, even though one orientation seems
to be highly dominant independently on the growth conditions (see e.g. Refs. [8,15]). On Ru(0001),
the proceeding transformation of a bilayer FeO(111) film to Fe3O4(111) results in an iron oxide film
with one in-plane orientation per substrate terrace. Only rarely small crystallites with an orientation
opposite to that of the terrace on which they grow could be observed (examples of such islands can
be seen inside the red circles in Figure 6f). Notably, the stripe-like Fe3O4(111) structure on Ru(0001)
was also observed after the deposition of additional ~1.9 MLs of iron (total iron dose of ~7.6 MLs).
The DF-LEEM images obtained for these films by mapping two neighboring Fe3O4(111) diffraction
spots are presented in Figure 7a. This indicates that on this particular support and at these oxidation
conditions the oxide grows in a Frank–van der Merwe (layer-by-layer) mode, with subsequent layers
adopting the structure of the preceding ones. Such a growth mode favors the stripe-like Fe3O4 structure
also at higher film thicknesses.

 

Figure 7. DF-LEEM images of the Fe3O4(111) film grown on Ru(0001) by ~7.6 MLs Fe deposition (total
dose) under UHV at RT and oxidation in 1 × 10−6 mbar O2 at 900 K (a) (red circles mark the same
sample position; imaging energy: 26 eV), obtained by mapping the diffraction spots analogous to those
marked in colors in Figure 6d; (b) shows LEEM-IV curves obtained for Fe3O4 islands and multilayer
films on Pt(111) and Ru(0001).

Interestingly, the LEEM-IV characteristics obtained for the initial Fe3O4(111) islands and for the
multilayer magnetite films on Pt(111) and Ru(0001) were found to show a very similar character
within the energy range of 17–40 eV (Figure 7b). The two peaks, centered at around 21 and 31 eV,
were observed for all magnetite structures—regardless of the support and magnetite thickness. In
particular, the 31 eV peak was explicitly observed for this iron oxide phase and may be used as
a LEEM-IV-fingerprint of Fe3O4(111). LEEM-IV was already shown to be a reliable method for
fingerprinting different iron oxide phases on Pt(111) and Ru(0001), however, usually the energy region
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of 0–30 eV was used in this respect [11,14,16]. In this region Fe3O4(111) shows very similar character
to FeO(111) (with only a small difference in peak positions), that is why the peak at ~31 eV, which is
observed only for magnetite, seems to be a more proper choice for fingerprinting this particular iron
oxide phase.

4. Conclusions

The results revealed the direct influence of the mutual orientation of adjacent monoatomic terraces
of Pt(111) and Ru(0001) on the orientation of FeO(111) and Fe3O4(111) crystallites epitaxially grown
on top of them. The different orientation of terraces originates from different crystal structure (fcc
vs. hcp). On cubic Pt(111), which has the same mutual orientation of adjacent monoatomic terraces,
FeO(111) grows with the same in-plane orientation on all substrate terraces. For Fe3O4(111), one or
two orientations can be observed depending on the growth conditions. On Ru(0001), the adjacent
terraces of which are ‘rotated’ by 180◦ with respect to each other, the in-plane orientation of the initial
FeO(111) and Fe3O4(111) crystallites is determined by the orientation of the substrate terrace on which
they nucleated. Such a growth mode can be explained by the adaptation of three-fold symmetric iron
oxides to three-fold symmetric substrate terraces and leads to natural structuring of iron oxide films,
i.e., the formation of patch-like magnetite layers on Pt(111) and stripe-like FeO and Fe3O4 structures
on Ru(0001). Even though the orientation of iron oxide crystallites may also depend on other factors,
such as the oxidation temperature or substrate-specific growth mode, the observed symmetry-induced
structuring provides a general route for tuning the structure and properties of ultrathin [111]-oriented
epitaxial films by switching the substrate from fcc(111) to hcp(0001).
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© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

116



nanomaterials

Article

Self-Catalyzed CdTe Wires

Tom Baines 1,*, Giorgos Papageorgiou 1,†, Oliver S. Hutter 1, Leon Bowen 2, Ken Durose 1

and Jonathan D. Major 1

1 Stephenson Institute for Renewable Energy, Physics Department, University of Liverpool,
Liverpool L69 7XF, UK; g.papageorgiou@swansea.ac.uk (G.P.); O.S.Hutter@liverpool.ac.uk (O.S.H.);
dph0kd@liverpool.ac.uk (K.D.); jonmajor@liverpool.ac.uk (J.D.M.)

2 Department of Physics, G.J. Russell Microscopy Facility, Durham University, South Road,
Durham DH1 3LE, UK; leon.bowen@durham.ac.uk

* Correspondence: tbaines@liverpool.ac.uk
† Current Address: CTF SOLAR GmbH, Zur Wetterwarte 50, 01109 Dresden, Germany.

Received: 23 March 2018; Accepted: 23 April 2018; Published: 25 April 2018
��������	
�������

Abstract: CdTe wires have been fabricated via a catalyst free method using the industrially scalable
physical vapor deposition technique close space sublimation. Wire growth was shown to be
highly dependent on surface roughness and deposition pressure, with only low roughness surfaces
being capable of producing wires. Growth of wires is highly (111) oriented and is inferred to
occur via a vapor-solid-solid growth mechanism, wherein a CdTe seed particle acts to template
the growth. Such seed particles are visible as wire caps and have been characterized via energy
dispersive X-ray analysis to establish they are single phase CdTe, hence validating the self-catalysation
route. Cathodoluminescence analysis demonstrates that CdTe wires exhibited a much lower
level of recombination when compared to a planar CdTe film, which is highly beneficial for
semiconductor applications.

Keywords: CdTe; self-catalysed; wires

1. Introduction

Due to their unique properties, semiconductor nano and microwires have attracted a lot of
interest for optoelectronic devices. Direct band gap wires offer enhanced performance due to an
increased effective surface area and reduced recombination [1–3]. CdTe is a direct semiconductor
widely utilized for photovoltaics (PV) as a thin film absorber, owing to its near optimal band gap for
PV of 1.5 eV and ease of deposition owing to its comparatively simple phase chemistry [4]. CdTe
can be produced by a variety of techniques, such as physical vapor deposition (PVD) [5], chemical
vapor deposition (CVD) [6], molecular beam epitaxy (MBE) [7] and solution phase synthesis [8].
It has been suggested that solar cells based on CdTe wires may exhibit a higher performance, due to
the advantageous carrier transport properties of the wires. However, the fabrication of CdTe wires
is far more challenging than for the planar films. CdTe wires grown by PVD or CVD techniques
typically occur via a vapor-liquid-solid (VLS) mechanism necessitating a metal catalyst seed particle to
facilitate wire growth [9]. The use of catalysts is problematic when attempting to create device quality
material. Au and Bi have been used to successfully synthesize CdTe wires [9,10], however both have
been established as deep level recombination centers in CdTe, compromising performance [11,12].
Catalyst-free CdTe wires are therefore preferable to minimize the defect content. Prior work on
catalyst free CdTe wires primarily consists of two approaches (i) a solution based method grown
via a solution-liquid-solid (SLS) mechanism [13], or (ii) a template assisted electrodeposition route
using, for example, an aluminum oxide film as the template [14]. Both of these techniques have their
disadvantages; they often require the use of solvents like oleylamine or complex patterning steps for
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the template layers. Wires produced by solution based methods are also often difficult to incorporate
into device structures as many applications require vertically aligned wires projecting from the surface
of the substrate [15].

The only prior report of self-catalyzed CdTe wires via PVD was from Wang et al. who reported
growth via a thermal chemical method on an ITO substrate via a proposed vapor-solid-solid (VSS)
mechanism [16], where the substrate was placed in a alumina vacuum tube furnace and CdTe was
deposited at 2 × 10−1 mbar and 700 ◦C. Nanorods were observed to grow from a single CdTe seed
particle formed on the substrate surface. The (111) zincblende crystal surface is more active than
the substrate leading to continuous stacking along the CdTe (111) plane resulting in a preferred 1D
growth [16]. It is worth noting that we use the term catalysis in this context to infer the CdTe seed
particle is the cause for the wire formation, rather than the reaction rate is being increased.

In this work we present self-catalyzed wire growth via a proven scalable deposition route,
close space sublimation (CSS) [5] on Mo substrates and as such this work has direct relevance to
potential device production [17]. The influence of growth pressure and substrate surface roughness on
wire growth were investigated with characterization by scanning electron microscopy (SEM), X-ray
diffraction (XRD), energy dispersive X-ray (EDX) spectroscopy and cathodoluminescence (CL).

2. Materials and Methods

A range of substrates were used in this work; uncoated soda-lime glass (SLG), fluorine doped
tin oxide (FTO) coated SLG “TEC 6” glass (NSG Ltd., St. Helens, UK) and 0.1 mm Mo foil substrates
(Advent, 99.95% pure, Oxford, UK). All substrates were washed with isopropyl alcohol (IPA) and
de-ionized (DI) water, then ultrasonically cleaned in DI water prior to deposition. 250 nm (0.5 Ω/sq)
Mo films were grown onto the glass substrates via Direct Current (DC) magnetron sputtering at 400 ◦C
using an Ar plasma. 6–8 μm CdTe (Alfa Aesar, 99.99% pure, Lancashire, UK) was deposited via CSS
in an N2 ambient at a variety of pressures and at source and substrate temperatures of 650 ◦C and
550 ◦C respectively.

Atomic force microscopy (AFM) was carried out using a Veeco Innova Bruker atomic force
microscope (Bruker, CA, USA) in contact mode. XRD measurements were performed using a
PANalytical X’pert PRO X-ray diffractometer (PANalytical B. V., Eindhoven, The Netherlands) at
room temperature, using CuKα1 line as the X-ray source. SEM images were taken using a JSM-7001F
microscope from JEOL with EDX spectrometer (JEOL, Tokyo, Japan). CL spectra was measured with a
Hitachi SU-70 SEM (Hitachi, Tokyo, Japan) operating at 12 keV together with a Gatan MonoCL system
(Gatan, CA, USA) for CL detection. The pixel dwell time for the panchromatic was 4 s.

3. Results and Discussion

The preferable implementation for CdTe wires in a solar cell structure is via the “substrate” cell
structure [17], wherein the CdTe component must be deposited on top of a suitable back contact medium.
Typically for substrate CdTe devices the back contact material is Mo as its thermal expansion coefficient
is close to that of CdTe and its use is well established for other thin film technologies such as Copper
Indium Gallium Selenide (CIGS) and Copper Zinc Tin Sulfide (CZTS) [18,19], although there are some
issues with regards to generation of an Ohmic contact [17]. We therefore focused on producing wires
on a Mo surface as this is the first step towards wire cell development. We considered two substrate
options: Mo coated SLG, the typical route for CIGS/CZTS devices, or growth directly onto Mo foil,
which is of interest due to the potential to produce flexible solar cells [18]. Figure 1a,b shows SEM
images of CdTe growth on SLG/Mo and Mo foil respectively, using deposition conditions equivalent to
that for our standard CdS/CdTe superstrate cell platform [20]. For growth on Mo foil (Figure 1b) we
observe what we would classify as a “typical” CdTe thin film growth for these conditions, i.e., complete
coverage of the substrate with a grain size 1–5 μm [21]. For growth on the SLG/Mo substrates under
identical growth conditions we observed the formation of a field of self-catalysed wires. The wires show
an ordered lateral growth with an average diameter of 3.5 ± 0.3 μm, average length of 15.9 ± 3.8 μm
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and clear evidence of a hexagonal cap to the wires. Prior nucleation and growth studies have identified
similar hexagonal CdTe islands to form during the early stages of CSS deposition [22].

From this and the microscopy images we infer a vapor-solid-solid (VSS) growth mode, wherein
hexagonal seed crystals are initially formed on the surface then subsequently act as a template for wire
growth, following a similar mechanism to the one proposed by Wang et al. [16,23]. Such mechanisms are
likely to be highly sensitive to the mobility of adatoms on the surface, which will influence the critical
nucleus size [24] and thus the formation of any surface-stable seed crystal, as well as the rate of material
flux to feed wire growth. The lack of wire formation for growth on the Mo foil can therefore be attributed
to one of two factors either (i) the surface energy of the foil is significantly different compared to SLG/Mo,
thus influencing the adatom lifetime on the surface and altering the growth mode [25] or (ii) as the Mo
foil is significantly rougher than Mo/SLG (71.98 nm Root Mean Square (RMS) vs. 8.0 nm RMS roughness,
Figure S1 in supporting information shows the three dimensional AFM images of the substrates surface)
the increased roughness is hampering adatom diffusion disrupting the formation of seed particles.

Figure 1. SEM images showing the effect of the substrate on wire growth. CdTe deposition
was performed under identical growth conditions on: (a) SLG/Mo; (b) Mo Foil; (c) SLG; and
(d) SLG/FTO/Mo.

A route to better understand the limiting factor was to utilize identical growth conditions but
using uncoated SLG and SLG/FTO/Mo coated substrates. These substrates were selected in particular
to separate the influence of the deposition surface from the surface roughness. For deposition on
SLG the surface bonding energy is completely different compared to SLG/Mo but the roughness is
even lower. FTO coated glass is stable at high temperatures due to its CVD deposition route and
has higher roughness than SLG, 16.17 nm RMS (Figure S1), but by coating it with sputtered Mo is
offers an identical surface to SLG/Mo only with increased roughness. Via comparison of growth
on these substrates it allows us to separate the influence of the Mo layer from the roughness. SEM
images for growth on SLG and SLG/FTO/Mo are shown in Figure 1c,d respectively. We observe
the formation of wires on the SLG surface but thin-film style growth on the SLG/FTO/Mo surface,
hence it is apparent that surface roughness is the controlling factor for wire formation. For the highly
smooth Mo-free SLG surface, wires have formed with smaller dimensions than that observed for the
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SLG/Mo surface. This again demonstrates the influence of roughness but additionally allows us to
rule out the Mo film acting as a catalyst layer and clearly demonstrates the wires are self-catalysed.
For the rougher SLG/FTO/Mo surface, growth has reverted to thin films, albeit of slightly smaller
grain size than on Mo foil. This suggests that the Mo layer is largely inconsequential to wire formation
in contrast to the surface roughness. Wire formation has been shown to be roughness dependent in
other materials systems such as ZnO [26,27], but it’s crucial role in CdTe wire formation has never
previously been established.

In order to determine the level of wire formation control afforded by this self-catalysed route,
the influence of CSS deposition pressure was studied as this determines the adatom arrival and
re-evaporation rates [28]. Figure 2a–c show SEM images with varying pressure from vacuum (system
base pressure i.e., no nitrogen added to ambient) to 30 Torr and to 60 Torr. Deposition was again
performed on SLG/Mo to maintain a device relevant stack structure. Layers grown under vacuum
exhibit a highly uniform and dense wire array while at 30 Torr the wires become less uniform and are
more randomly distributed (11 wires/400 μm2 and 5 wires/400 μm2 respectively). It has previously
been established for CSS growth of thin film CdTe that higher deposition pressures favor the formation
of larger grains owing to a reduction in the adatom arrival rate at the surface and thus the formation of
larger critical sized nuclei [21]. Here, for growth at 60 Torr, this has led to the formation of excessively
large seed crystals, 12.3 ± 0.9 μm, compared to 3.5 ± 0.3 μm for vacuum conditions, which appear
unable to effectively template wire growth. There is some evidence of growth occurring beneath these
caps, but true wire growth does not occur. These results indicate that while there is a relatively wide
pressure range over which growth will occur, the dimensions and the quality of the wires may be
adjusted. This follows from previous work where the formation of seed particles and wires is inversely
proportional to the growth pressure due to a reduction in the vapor concentration [16,29].

Figure 2. SEM images of CdTe wire growth with varying deposition pressure. (a) Vacuum; (b) 30 Torr
and (c) 60 Torr.

The XRD patterns shown in Figure 3 were recorded for wires grown on SLG/Mo at either
30 Torr or under vacuum and compared with a planar film deposited on SLG/FTO/Mo. The growth
preference may be determined by calculating the texture coefficients (Chkl) for each diffraction peak
using Equation (1).

Chkl =

Ihkl
Irhkl

1/np ∑
np
np=1

Ihkl
Irhkl

(1)

where Ihkl is the intensity of a (hkl) diffraction peak, Irhkl is the relative intensity of this diffraction
peak for a powder sample and np is the number of reflections present in the sample. Then a standard
deviation (σ) indicates the extent to which the film deviates from the powder using Equation (2) [30].
A high σ indicates the film is more textured and a low value indicates it is more random [30].

σ =

√
∑ 1/np(Chkl − 1)2 (2)
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Table 1 shows the Chkl and σ for all the samples presented in Figure 3. All samples show a typical
diffraction pattern for zinc blende CdTe with a preferential (111) orientation however, the degree of
preferential orientation varies. Layers grown on SLG/FTO/Mo (Figure 3c), which have no evidence
of wire formation, are the most randomly orientated film σ = 1.59. Both wire samples grown on
SLG/Mo show an increase in preferred (111) orientation to σ = 1.83 for growth at 30 Torr (Figure 3b)
and σ = 2.23 for growth at vacuum (Figure 3a). This increase would indicate that the wires grow in a
(111) orientation.

Figure 3. XRD patterns for wire growth on SLG/Mo at (a) vacuum and (b) 30 Torr; (c) Shows XRD
pattern of a planar film deposited at 30 Torr on SLG/FTO/Mo.

Table 1. Texture coefficients (Chkl) and standard deviation (σ) calculated for each of the samples shown
in Figure 3.

Under Vacuum SLG/Mo 30 Torr SLG/Mo 30 Torr SLG/FTO/Mo

C111 6.47 5.511 4.90

C220 0.11 0.407 0.43

C311 0.10 0.398 0.70

C400 0.011 0.144 0.23

C331 0.075 0.134 0.21

C422 0.11 0.234 0.35

C511 0.12 0.171 0.19

σ 2.23 1.83 1.59

One possibility was that the wires were being nucleated by some contaminant on the surface.
Although the substrates were thoroughly cleaned prior to deposition, outdiffusion of chemical species
from the glass can still occur. To verify that contaminants were not nucleating wire growth, EDX was
performed at a number of points along the wires (Figure 4). Spectra were taken from the both the cap
and shaft of the wire with the chemical composition being compared. The spectra in both cases looks
identical, being predominantly Cd and Te with only small additional peaks from the Mo under layer and
O. This indicates that the wires are phase pure CdTe with the additional oxygen being detected always
being present in CSS deposited CdTe. The EDX and XRD data presented support the inference that the
wires are self-catalysed from a CdTe seed particle which subsequently become the cap of the wire [16].
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Figure 4. SEM images of the CdTe wires deposited under vacuum on Mo/SLG and EDX spectra at
different points of the wires.

It is anticipated that wires should have enhanced carrier transport properties and thus reduced
carrier recombination. CL analysis was performed to compare the recombination rates of CdTe wires
and thin film. Figure 5a,b show SEM images of the wire and planar layers grown at vacuum on SLG/Mo
and SLG/FTO/Mo respectively, with accompanying CL images shown in Figure 5c,d. The CL spectra
were collected and normalized in the region of 1.40 to 1.70 eV (Figure 5e). The wires produced a
higher signal compared to the planar film indicating the wires possess a reduced level of non-radiative
recombination, possibly to a reduction in the number of grain boundaries present in the wires compared
to the planar film [31]. This reduced non-radiative recombination makes these ideal for many device
applications such as radiation detectors and PV. In order for a direct comparison between the CL signals
both were renormalized (Figure 5f) to their respective highest intensity signals, both CL spectra for the
wires and planar film show a near band edge transition [11]. The peak for wires is shifted to a slightly
higher energy of 1.435 eV compared to 1.419 eV for the planar film, these peaks correspond to a typical
donor-acceptor pair transition observed for CdTe [3,5]. The CL spectra for planar films also shows an
additional peak at 1.486 eV corresponding to a near band edge transition for CdTe.

Figure 5. SEM images for CdTe wires (a) and the planar (b) CdTe film; along with CL images for the
wires (c) and planar film (d). Normalized CL spectra produced for the CdTe wires and CdTe planar
film (e,f). CdTe samples were grown at vacuum. (e) Has been normalized with respect to the highest
signal, therefore the wire signal was set to 1. In order for the peak shift to be directly analyzed the
signals were both normalized to 1 so that the intensities of the signals was neglected (f).
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4. Conclusions

Self-catalysed CdTe wires have been fabricated in a single step technique using a simple
industrially scalable PVD technique (CSS). We have produced samples on a SLG/Mo substrate suitable
for cell fabrication and demonstrated wire growth dimensions can be controlled by both the surface
roughness and deposition pressure. XRD and EDX results indicate that the wires are preferentially
(111) oriented and free from contaminants while CL analysis shows reduced recombination in the wires
compared to thin films. This development of catalyst free wires on a useable substrate is important for
semiconductor applications as it excludes extrinsic growth templating materials which induce deep
defects into the CdTe like BiTe and AuCd which are detrimental to performance [12]. The next step will
be to incorporate these SLG/Mo/CdTe wire structures into complete solar cell devices.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/5/274/s1,
Figure S1 shows the three-dimensional AFM image of the substrates used in this study in order to determine their
surface roughness.
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Abstract: Recent development in liquid-phase processing of single-walled carbon nanotubes (SWNTs)
has revealed rod-coating as a promising approach for large-scale production of SWNT-based
transparent conductors. Of great importance in the ink formulation is the stabilizer having excellent
dispersion stability, environmental friendly and tunable rheology in the liquid state, and also can be
readily removed to enhance electrical conductivity and mechanical stability. Herein we demonstrate
the promise of graphene oxide (GO) as a synergistic stabilizer for SWNTs in water. SWNTs dispersed
in GO is formulated into inks with homogeneous nanotube distribution, good wetting and rheological
properties, and compatible with industrial rod coating practice. Microwave treatment of rod-coated
films can reduce GOs and enhance electro-optical performance. The resultant films offer a sheet
resistance of ~80 Ω/sq at 86% transparency, along with good mechanical flexibility. Doping the films
with nitric acid can further decrease the sheet resistance to ~25 Ω/sq. Comparing with the films
fabricated from typical surfactant-based SWNT inks, our films offer superior adhesion as assessed
by the Scotch tape test. This study provides new insight into the selection of suitable stabilizers for
functional SWNT inks with strong potential for printed electronics.

Keywords: aqueous dispersion; carbon nanotube; graphene oxide; ink; rod coating; electrical
conductivity; optical transmittance; mechanical flexibility

1. Introduction

Recently, there is a strong demand for transparent conductors (TCs) for various optoelectronic
devices such as touch screens, solar cells, organic light-emitting diodes (OLEDs), etc. [1–4]. The main
TCs used currently are indium-doped tin oxide (ITO). However, indium is very expensive [5], and
almost all ITO films are deposited onto glass substrates through a rather slow sputtering technique,
resulting in further rises in production costs. The successful development of single-walled carbon
nanotubes (SWNTs) in the 1990s has attracted tremendous scientific attention due to their excellent
mechanical, electrical and thermal properties [6]. SWNTs can be fabricated into thin films having high
optical transparency and electrical conductivity [7], rendering those ideal alternatives for replacing
ITO films. Solution-based approaches such as spray coating [8], spin coating [9], Langmuir-Blodgett
technique [10], vacuum filtration [11], dip coating and rod coating [12–14], are usually employed to
prepare SWNT films. However, as-produced SWNTs generally form agglomerates and are difficult
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to disperse in water or organic solvents at appropriate concentrations. To effectively disperse them,
several strategies, such as chemical modification, surfactants or polymeric dispersant additives, are
usually employed [12,13,15–17]. As recognized, the dispersants typically used are electrical insulators
and therefore must be removed from the resultant films. This is a difficult or tedious task because
dispersants used to debundle SWNTs interact strongly with the nanotubes and are hard to remove
from them. Furthermore, the additions and subsequent removal of dispersants increase production
costs and degrade the mechanical performance of the films greatly [18].

Graphene oxide (GO), an oxygenated graphene sheet, is a low-cost chemically derived graphene
prepared by chemical oxidation of graphite flakes in strong oxidizing solutions [19]. GO consists of
hydrophobic domains with a benzene ring structure and hydrophilic sites with hydroxyl, carboxyl and
carbonyl groups [20]. This unique feature renders GO acting as an amphiphilic molecule and enables
it to form Langmuir-Blodgett films on a water surface [21]. The oxygenated moieties make GO sheets
hydrophilic and highly dispersible in water, whereas aromatic domains interact with other aromatic
molecules through supramolecular π-π interactions [22]. Using GO to disperse SWNTs has a major
benefit: GO can be thermally/chemically reduced to form reduced graphene oxide (rGO) [23], which
is electrically conductive, thus enhancing the conductivity of resultant films.

Fabrication of GO-SWNT films have been previously reported by several researchers. For example,
Tian et al. carried out a preliminary study on the preparation of transparent GO-SWNT films in which
aqueous GO-dispersed SWNT solutions were air-sprayed onto glass substrates [24]. Their GOs
were not chemically reduced to rGOs, so the GO-SWNT films exhibited a large sheet resistance of
~4 kΩ/sq at 85% transmittance. Zheng et al. prepared GO-SWNT films by means of a layer-by-layer
Langmuir-Blodgett assemble process [25]. The resultant films showed a sheet resistance ranging from
180 Ω/sq to 560 Ω/sq at ~77–86% transparency depending on the number of layers. Very recently,
Gorkina et al. fabricated GO-SWNT films using several steps. In the process, SWNT film was first
deposited onto a substrate via a dry transfer process, then GO was sprayed on top of SWNT film. GO
was thermally reduced at ambient or hydrogen atmosphere and finally reacted with AuCl3 [26]. They
reported that the mean sheet resistance of hybrid SWNT/rGO films treated with air and hydrogen was
485 Ω/sq and 264 Ω/sq, respectively, at about 85% transmittance. All these processes are unsuitable
for industrial scale-up production. By contrast, coating SWNT inks to plastic substrates with a Mayer
rod to form thin films is considered of technological importance. Fluids that can be coated effectively
by a Mayer rod is readily adapted to industrial process, allowing rapid roll-to-roll printing at speeds up
to 100 m/min on plastic substrates of several meters wide [27]. Moreover, transparent film fabrication
by rod coating of SWNT inks is less wasteful, so nearly all the SWNTs are well deposited on the
substrate. However, simple SWNT dispersions cannot be used as inks to fabricate thin films, since
their rheological properties and wetting behavior are inappropriate for rod coating practice. Therefore,
additives are usually incorporated to improve their viscosity, wetting, levelling, etc. However, typical
or commercial additives used for modifying rheological properties and/or wetting behavior can
induce instability of the dispersions or adversely affect optoelectronic properties of the resulting films.
For example, Dan et al. reported that a dual surfactant system, sodium dodecylbenzenesulfonate
(SDBS) and Triton X-100 (TX100), can be used to prepare SWNT inks [13]. Li et al. indicated that this
mixed surfactants-SWNT system is stable for only a few minutes, making it unsuitable for industrial
applications [28]. As such, more efficient strategies are desired to develop large-scale industrial
production of these carbon nanostructures.

In a previous study, we reported the use of GO as a dispersant to prepare multi-walled carbon
nanotube (MWNT) inks to generate transparent conductive MWNT films [14]. MWNT-based films,
however, generally exhibit poor electro-optical performance than the films prepared from SWNTs [29].
This is because every graphene layer of MWNTs contributes to the light absorption, causing the films
with strong light absorption [30]. For this reason, the development of carbon nanotube-based TCs has
been primarily carried out with SWNTs. Herein, we report and demonstrate large-scale preparation
of SWNT films through a Mayer rod coating of aqueous GO-SWNT inks. By converting GO to rGO
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through microwave irradiation, these films exhibit much improved electro-optical properties, making
them very attractive materials for making various optoelectronic devices.

2. Materials and Methods

2.1. Materials and Synthesis

Chemical vapor deposited SWNTs (>95 wt % purity; diameter of 0.8~1.6 nm and length of 5~30 μm)
(Figure S1) were supplied by Chengdu Organic Chemicals Co. Ltd., Chengdu, China. Graphite flakes
were bought from Sigma-Aldrich, Inc., St. Louis, MO, USA. Graphite oxide was prepared from graphite
flakes by means of Hummers process [19]. It was readily exfoliated into monolayer GO sheets in water
(Figure S2). All chemical reagents were used as received without further purification.

2.2. rGO-SWNT Films

Aqueous GO dispersions of different concentrations were obtained by stirring graphite oxide
solids in water for 4 h, and the mixtures were then sonicated (Tru-Sweep 575 HTAG, Crest Ultrasonics
Corporation, Ewing Township, NJ, USA) for 30 min. To such dispersions SWNTs were added, obtaining
a concentration of 0.2 mg/mL SWNTs. This concentration was relatively lower than in previous
works to ensure full exfoliation of nanotube bundles, since long nanotubes generally caused higher
viscosity and decreased the dispersion efficiency. These GO-SWNT dispersions were then tip sonicated
(SCIENTZ-II D Ultrasonic Homogenizer) in an ice-water bath for 2 h. This sonication process reduced
the size of GO sheets and the diameter of nanotube bundles, resulting in more homogeneous GO-SWNT
dispersions. To prepare films, formulated GO-SWNT dispersions were coated onto polyethylene
terephthalate (PET) sheets by a Mayer rod. The thickness of the films was controlled by the diameter
of a wire coiled on the rod. To convert GO to rGO, the films were firstly exposed to a hydrazine
atmosphere for 1 h to partly recover its conductivity, then treated in a microwave oven (Panasonic
NN-ST253W, 800 W, Panasonic Corporation, Osaka, Japan) in an argon atmosphere for 2~3 s. This
microwave treatment rapidly heated the films and thermally reduced GO to rGO [31,32].

2.3. Material Characterization

The quality of GO-SWNT inks was examined with UV-vis spectroscopy (Agilent Cary 5000
Spectrophotometer, Agilent Technologies Inc., Santa Clara, CA, USA), Raman spectroscopy (Horiba
Jobin Yvon LabRAM HR Evolution Micro-Raman spectrometer; excitation wavelength of 532 nm,
Horiba Ltd., Kyoto, Japan), transmission electron microscopy (TEM; Philips FEG CM 20, Philips
Company, Amsterdam, Netherlands) and zeta potential measurements (Zetaplus, Brookheaven, NY,
USA). The contact angle of those inks on PET was obtained with an advanced goniometer (Ramé-Hart
Instrument Model 200). The viscosity of the inks was measured using a rheometer (TA Instruments,
HR-2 Discovery Hybrid Rheometer, TA Instruments, New Castle, DE, USA). The surface morphology
of rGO-SWNT films was observed in both field-emission scanning electron microscope (SEM; Jeol FEG
JSM 6335, JEOL Company, Tokyo, Japan) and atomic force microscope (AFM; Veeco Nanoscope V,
Veeco Inc., Plainview, NY, USA). We employed X-ray photoelectron spectroscopy (XPS; PHI-5802;
Physical Electronics, Chanhassen, MN, USA) with Al Kα source radiation to record chemical bonding
states of constituent carbon in the films. The electrical sheet resistance of thin films was determined
with a Van der Pauw setup using four electrodes aligned along the circumference of thin films.
The light transmittance tests at ambient were performed with a UV-vis spectrophotometer (PerkinElmer
Lambda 2S, Perkin Elmer Incorporation, Waltham, MA, USA). For bending cycling, samples were
bent to a radius of curvature of 2 mm by sliding around a metal rod. In the meanwhile, electrical
resistance was measured up to 2000 cycles. For the film adhesion testing, a strip of tape was applied to
the sample and pressed down to uniformly contact the film surface, and then peeled off at ~10 mm/s
at a ~45◦ angle. The sheet resistance and film transmittance before and after the tests were measured
to determine the film adhesion properties.
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3. Results

3.1. Dispersing SWNTs in Water Using GO

Attaining well-dispersed SWNTs without aggregates is key to ensure successful fabrication of
homogeneous films. Due to strong van der Waals interactions amongst SWNTs, they tend to aggregate
to form precipitates in water. At sufficient GO, however, SWNTs can be effectively dispersed. We
prepared a series of GO-SWNT dispersions with different GO to SWNT mass ratios, and found that
homogeneous dispersions can be obtained only when the mass ratio reaches at least 5, at a 0.2 mg/mL
SWNT concentration. By diluting with a factor of ~20, these dispersions look like “true solutions”
(Figure 1A). UV-vis spectroscopy was then performed to characterize their absorption characteristics
(Figure 1B). The band located at ~1000 nm is the S22 interband transition in semiconducting SWNTs,
and the M11 peak at ~750 nm relates interband transition in metallic SWNTs. These dispersions are
very stable and no visible sediment is found for several months. Zeta potential measurements on these
GO-SWNT dispersions agree reasonably with the absorption spectra findings. Pure GO dispersion at
0.1 mg/mL and neutral pH exhibits a zeta potential of 55 ± 5 mV. For the GO-SWNT dispersion with a
high SWNTcontent (0.02 mg/mL), zeta potential remains almost unchanged. The results demonstrate
that the GO-SWNT dispersion is very stable, and SWNTs are effectively dispersed without changing
original electrostatic repulsions among the GO sheets.

Figure 1C,D display Raman spectra of SWNT, GO and the GO-SWNT dispersion. The radial
breathing mode (RBM) is a characteristic property of SWNT, i.e., diameter of SWNT is inversely
proportional to its RBM peak frequency. Figure 1C reveals the presence of SWNT multi-peaks, so
there exists a fairly wide distribution of SWNT diameters. These peaks are significantly suppressed in
hybrid GO-SWNT spectrum, demonstrating that GO sheets interact with the nanotubes and severely
limit their RBM vibration [33]. From Figure 1D, the G-band at ~1590 cm−1 is due to the vibrational
modes of sp2 carbon. The D-band at ~1350 cm−1 is Raman active with its value proportional to
the amount of amorphous carbon. The G-band of GO is significantly weaker than SWNT, and its
D-band is reasonably more intense. The G-band of the GO-SWNT hybrid is dominated by SWNT
because no absorption occurs for GO sheets at the excitation wavelength and thus no resonance
enhancement [25]. On the other hand, the D-band in the hybrid is disproportionally higher, probably
due to the contribution of GO sheets in combination with the effects similar to those displayed by the
functionalized nanotubes [24].

Figure 1. Cont.
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Figure 1. (A) UV-vis absorbance of diluted GO and GO-SWNT (weight ratio of 10:1) dispersions. Pure
SWNT solution (weakly oxidized by nitric acid) is shown for comparison. The inset photo displays
GO-SWNT (left) and GO (right) dispersions. (B) Absorbance of GO-SWNT dispersion for different
time periods. (C,D) Raman profiles of GO-SWNT dispersion (weight ratio of 10:1), GO and SWNT.

The dispersion state of SWNTs was further imaged by TEM as shown in Figure 2. As recognized,
pristine SWNTs tended to agglomerate into thick ropes (Figure 2A). In the presence of GO, however,
these ropes were exfoliated into thinner ones (~40 nm), and separated from one another by adhering to
GO (Figure 2B), showing a strong interaction between GO and SWNT. By increasing the amount of GO,
the diameter of the SWNT ropes become thinner. At a mass ratio of 20, these ropes decreased to ~15 nm
in diameter (Figure 2C). Due to the huge aspect ratio of SWNTs (length of 5~30 μm and diameter of
0.8~1.6 nm), very strong interactions among them is expected. Therefore, further exfoliation of the
SWNT ropes is not possible even in the presence of excessive GO. Figure 2D summarizes the effect of
GO concentration on the average diameter of SWNT bundles in the dispersion. These results reveal
the successful dispersion of SWNTs with GO. Furthermore, the dispersion is stable during drying and
this is crucial for the film fabrication.

Figure 2. TEM micrographs of (A) SWNT bundles in water; (B) GO-SWNT dispersion with a GO:SWNT
mass ratio of 10:1; (C) GO-SWNT dispersion with a GO:SWNT mass ratio of 20:1. The concentration of
SWNT in each case is 0.2 mg/mL; (D) Effect of GO concentration on the diameter of SWNT bundles in
the dispersion. The SWNT content in the ink is 0.2 mg/mL.
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Together, these results indicate that GO can effectively debundle SWNTs into individual or
thin nanotubes. The energy required for dispersing SWNTs in water is large, because of its huge
specific surface area and nonpolar surface behavior, thereby inducing aggregation of SWNTs in
water (Figure 2A,B). Two mechanisms can be proposed for good nanotube dispersion with GO.
The first one relates to the π-π interaction between GO and SWNT. It is known that GO has lots of
π-conjugated aromatic domains within its basal plane, therefore it can interact strongly with SWNTs
via π-π attractions [34]. From the literature, drug and dye molecules can adsorb onto the surface of
GO through π-π interactions [34]. Besides, it is widely recognized that GOs are strongly hydrated by
dispersing in water. When the nanotubes adsorb on GOs, all water molecules attached to the GOs are
released, leading to a significant gain in entropy [35]. Thus the crucial factor for the effective dispersion
of SWNTs by GOs arises from π-π interactions between the nanotubes and GOs. From the TEM images
it is clear that GOs interact with SWNTs by anchoring SWNT bundles. At low GO content (GO:SWNT
mass ratio of 10:1), the number of aromatic sites available for anchoring SWNTs is rather low, so thick
nanotube bundles tend to form. In the presence of sufficient GOs (GO:SWNT mass ratio of 20:1), these
bundles can be effectively exfoliated, resulting in thinner nanotubes. The demonstrated procedure of
using GOs to disperse SWNTs in water offers the possibility of low cost and large-scale preparation of
excellent SWNT dispersions.

3.2. Wetting Behavior and Rheological Properties of GO-SWNT Dispersions

Rod coating involves the spreading of liquid drops to form a thin liquid layer on the substrate.
Contact angle is usually used to evaluate the wettability of a solid surface by a liquid. Large contact
angle (larger than 90◦) reflects poor wettability. Moreover, the spreading of the liquid causes a significant
increase in its surface area, resulting in a steep rise of its surface energy. To minimize the surface energy
the wet film would contract its surface accordingly. This often causes film nonuniformities such as
contact line recession, dewetting or film rupture. To avoid these nonuniformities (and therefore
minimize film contraction), a small surface tension is preferred. The surface tension of GO-SWNT
inks and their contact angle with the PET substrate were determined with a goniometer (Figure S3),
and were observed to be nearly independent of ink compositions, with σ ~ 70 mN/m and θ ~ 60◦,
respectively. The relatively larger contact angle indicated a relatively poor wetting of the GO-SWNT
ink on PET. To improve the wetting behavior, we treated the PET substrate with oxygen plasma for
~10 min. This decreased the contact angle to ~10◦ (Figure S4 and Figure 3B).

Figure 3. Contact angles for GO-SWNT ink on PET substrate: (A) before and (B) after plasma treatment.
The contact angle is 59.7◦ and 10.2◦, respectively.

Immediately after rod coating, the wet film exhibits a wavy surface in the form of stripes with their
interspace distances governed by the diameter of coiled wire. To obtain a flat and smooth surface these
stripes must be levelled off. For thin films this leveling process is motivated by the difference in surface
tension between the convex and concave regions of wavy liquid. However, the viscous forces play
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a part in retarding this process. The leveling time is defined as tlevel = 3 μr4/σh3 [36], where μ is the
viscosity of the ink, 2πr is the diameter of coiled wire, and h is the average wet thickness. For liquids
like GO-SWNT inks, leveling can therefore be accomplished by reducing the viscosity. During the
drying process, dewetting of the wet film may occur, resulting in film nonuniformities as mentioned
before. The dewetting time is tdewet = μL/kσθ3 [37], where l is the characteristic length scale of the
film and k relates to a fluid property, being about 10−3 for primarily water-based system. Therefore,
dewetting can be suppressed by reducing the contact angle θ, and/or by increasing the viscosity
μ. Since the preparation of a uniform film requires a fast leveling process (small tlevel) and a slow
dewetting process (large tdewet), optimization of the ink viscosity is considered of primary importance.

Inks generally exhibit the non-Newtonian shear-thinning property. At the film formation stage,
inks are seriously sheared through the grooves of the rod, thereby flowing at a high-shear rate. During
the drying process, they are nearly stationary and flow at a low-shear rate. For a typical rod coating
setup, the optimal viscosity value falls in 0.01–1 Pa s range [38]. The characteristic shear rate for
the film formation region is ~50 s−1 in the present study. Hence, the optimal viscosity value of the
GO-SWNT ink should fall in 0.01–1 Pa s range and near 50 s−1. Figure 4 shows that all GO-SWNT inks
exhibit a drop in viscosity under shear. This is a thixotropic behavior since the viscosity decreases with
shear rate. Such behavior is also displayed by other non-Newtonian fluids such as polymer solutions
and biological fluids [39–44]. For GO-SWNT dispersions, this behavior derives from debundle of
nanotubes and/or by the increased orientation of nanotubes in the flow direction. Both the SWNT and
GO concentration are found to influence the viscosity. Since the nanotubes used in this study have
very large aspect ratios, the nanotube concentration would play a dominant role in determining the
viscosity [45]. Doubling its concentration from 0.1 mg/mL to 0.2 mg/mL can increase both low-shear
viscosity by about one order of magnitude (~2 Pa s at ~0.1 s−1), and high-shear viscosity by about
5-fold (~85 Pa s at ~50 s−1). Increasing the concentration to 0.3 mg/mL would lead to a dramatic
increase in low-shear viscosity by about two orders of magnitude (~100 Pa s at ~0.1 s−1), which is high
enough to enable the inks to be used for other coating methods like blade coating or screen coating.
In contrast, increase the GO concentration from 1 mg/mL to 6 mg/mL (at 0.2 mg/mL SWNT) only
slightly increases the viscosity, as shown in Figure 4B. Inks with 0.2 mg/mL SWNTs are found to fall
into the optimal viscosity range (0.01–1 Pa s) at a shear rate between 0.1 s−1 and 50 s−1, therefore are
most suitable for rod coating.

Mayer rod coating of optimized GO-SWNT dispersions generally produces homogeneous
defect-free films. The thickness of these films can be controlled by simply choosing coiled rods
of different sizes. In this study, the diameter of wire coiled on the rod ranges from 0.2 mm to 2 mm,
resulting in wet thicknesses of 20–200 μm and final dry thicknesses of ~10–100 nm.

Figure 4. Effects of the concentration of (A) SWNT and (B) GO on the viscosity of GO-SWNT ink.
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Table 1 summarizes different time parameters involved in the fabrication of TCs using GO-SWNT
inks with different compositions. tlevel is determined based on the high-shear viscosity, as the fluid
close to the moving rod is highly sheared while being coated. It lies in the order of 10−3 s, indicating
that levelling occurs immediately after coating to form a flat wet film; tdewet is calculated using the
low-shear viscosity, since the wet film is almost stationary during the drying process. It lies in the
order of 103 s, which is much larger than tdry, implying that these films can dry before secondary flow
occurs. The relationship tlevel < tdry < tdewet maintains for all these GO-SWNT dispersions, indicating
that they can be employed as inks to prepare films with uniform thickness and limited dewetting.

Table 1. Time parameters for fabricating TCs using GO-SWNT inks.

Ink Composition tlevel (s) tdry (s) tdewet (s)

0.2 mg/mL SWNT + 1 mg/mL GO 8.33 × 10−4 600 3.32 × 103

0.2 mg/mL SWNT + 2 mg/mL GO 1.10 × 10−3 500 6.16 × 103

0.2 mg/mL SWNT + 4 mg/mL GO 1.41 × 10−3 400 1.12 × 104

0.2 mg/mL SWNT + 6 mg/mL GO 1.83 × 10−3 300 2.05 × 104

where tlevel was calculated using high-shear (~50 s−1) viscosity; tdewet was determined with low-shear (~0.1 s−1)
viscosity; and tdry was estimated by recording the time taken to cause gelation in the coated films. The diameter of
wire coiled on the rod was ~0.6 mm. A length scale (l) of 2 mm (~10% of width of the coated film) was used for
calculating tdewet. The wet coating thickness and wire diameter are assumed to be 1:10 [46].

3.3. Fabrication & Characterization of rGO-SWNT Films

A large GO to SWNT mass ratio ensures a more efficient disentanglement of SWNT bundles, and
the relatively large GO concentration renders an ink viscosity appropriate for coating. Rod-coating
GO-SWNT ink thus produces uniform, defect-free thin films. SEM images of these films (Figure 5A–C)
show that SWNTs are uniformly dispersed and interconnected with each other over a large area,
yielding a percolated 2D conducting network throughout the entire film. The very long length of
the SWNTs enable the formation of a conductive network at a very low percolation threshold, thus
are expected to give a much improved electrical conductivity. With the increase in the GO portion
in the ink, SWNT bundles within the film became thinner. This is in good agreement with the TEM
observation of SWNT dispersions as shown in Figure 2, implying that the dispersion state of SWNTs is
well maintained during the drying process. Even after microwave heating, the distribution of SWNTs
is still rather uniform, without any signs of phase separation.

Figure 5. Cont.
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Figure 5. SEM micrographs of rGO-SWNT films prepared from inks with different GO to SWNT mass
ratios: (A) 5:1, (B) 10:1 and (C) 20:1.

GO is well known to be nonconductive because of its oxygenated groups. To recover conductivity
it must be deoxygenated. Recently, microwave treatment has been shown to be an effective and facile
route to remove oxygenated groups from GO and recover its electrical conductivity [32]. Two- to
three-second pulses of microwaves can effectively reduce GO into pristine graphene. During the
experimental process, we found that microwave treatment of pure GO film (even though it had been
treated by hydrazine for ~1 h) did not cause any noticeable change on the film properties, possibly due
to the low conductivity of GO, thus leading to poor microwave absorption. In the presence of SWNTs,
however, the films heated rapidly to high temperature owing to the strong microwave absorption of
SWNTs, which thermally converted GO to rGO. As shown in Figure 6, the resultant rGO-SWNT film
contained a negligible amount of oxygen, compared to GO-SWNT film, indicating that the microwave
treatment is very efficient in removing the oxygen moieties. The resultant rGO-SWNT films were
uniform without disruption or delamination from the substrate.

Figure 6. XPS C-1s spectra of GO, GO-SWNT (weight ratio of 10:1) and rGO-SWNT films. Peaks relate
to different carbon bonds are indicated.
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Figure 7 shows that thin films fabricated from various inks exhibit different electro-optical
properties. This can be explained by the electrical contacts between nanostructured elements within
the films. As shown in Figure 2, inks with lower GO to SWNT mass ratios have thicker SWNT
bundles, leading to limited electrical contacts among the SWNT bundles within the rGO-SWNT films.
This results in a relatively larger sheet resistance for these films. Incorporation of more GO leads to
exfoliation of SWNT bundles, thus increases the number of electrical contacts within the films and
reduces the sheet resistance. AFM images in Figure 8 show that an increase in the GO content in the
inks leads to thinner SWNT bundles, rendering the film more efficient in transport charge carriers.
Besides, these thinner bundles would result in a more smooth film surface (Figure S5), which is
preferred for real applications such as organic photovoltaics or OLEDs. At an even larger GO to SWNT
mass ratio (~30), the SWNT bundles would not be further exfoliated (Figure S6A,B and Figure 2G).
In this case, the electrical contacts between SWNT bundles would be disturbed by rGO sheets, which
account for a large portion of the film are less conductive than SWNTs. This results in an increase in
the film resistance.

Figure 7. Sheet resistance versus optical transmittance for rGO-SWNT films fabricated from inks with
different GO to SWNT mass ratios. The SWNT content in the ink is 0.2 mg/mL.

Figure 8. Cont.
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Figure 8. AFM height (A, C and E) and amplitude (B, D and F) microgrqaphs of rGO-SWNT films
prepared from inks with different GO to SWNT mass ratios: (A) 5:1, (B) 10:1 and (C) 20:1.

For TCs, the relationship between transmittance and sheet resistance is generally described by [1]:

T = (1 +
Z0

2Rs

σop

σdc
) (1)

where Z0 is the impedance of free space (377 Ω), Rs the sheet resistance, σop the optical conductivity,
and σdc the DC conductivity. The performance of TCs can be evaluated by a parameter, i.e., figure of
merit (FoM) given by σdc/σop. FoM offers direct performance comparison between the TCs prepared
from various materials or methods over entire range of optical transmittance. Generally, TCs should
have low sheet resistance and high optical transmittance, i.e., a large FoM. In Figure 9A we compare
the performance of rGO-SWNT film with that of SWNT films prepared using surfactant/polymer as
the dispersant. FoMs are determined from the sheet resistance at approximately 75~85% transmittance
(Figure 9B). This is because most reported transmittance values of SWNT films fall in this range. It can
be seen that the films fabricated from the GO-SWNT system outperform other systems in terms of
electro-optical properties. For thin films fabricated from the inks with non-conductive dispersants,
the incorporation of dispersants usually results in inferior nanotube-nanotube electrical contacts, giving
rise to the resultant film with a large sheet resistance. In contrast, GO sheets are beneficial for the
electrical transport of nanotube films. As mentioned before, there exists strong π-π interactions between
the GO sheets and SWNTs. After converting to rGO, these conductive sheets serve as nano-“patches”
that fixed or repaired SWNT networks by filling their void sites. Additional conducting channels
would therefore be created and significantly reduce the film resistance. Another reason for the reduced
sheet resistance is mechanical factor in origin. Due to the increased nonpolar nature of rGO compared
to GO sheets, the rGO-SWNT interactions should be much stronger than the GO-SWNT interactions.
Microwave irradiation of GO-SWNT to yield rGO-SWNT causes film densification. This force of
densification is expected to compress SWNT networks, reduce the air gap within the film as well as the
nanotube-nanotube junction resistance, and consequently decreases the overall resistance. Since rGO
is almost transparent, film transparency of rGO-SWNT remains unchanged as expected. It is noted
that the electrical conductivity of rGO-SWNT films can be further enhanced by chemical doping [46].
Simply dipping the films in nitric acid (12M) for 2 min causes a marked decrease in sheet resistance,
with a negligible effect on the film transparency (Figure S7A). The average sheet resistance for a ~86%
transparent film before doping was ~80 Ω/sq, and decreased to ~25 Ω/sq after doping, demonstrating
a three-fold decrease in the equivalent sheet resistance. However, the doping effect does not last very
long (Figure S7B), because nitric acid molecules are weakly adsorbed on the nanotube surfaces and
can desorb. A poly(3,4-ethylenedioxythiophene):poly-(styrene sulfonate) (PEDOT:PSS) layer has been
shown to effectively inhibit the increase of film resistance [47].
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Figure 9. Comparison of electrical properties of rGO-SWNT film with those films contained
other dispersing agents. (A) Transmittance versus sheet resistance profiles; (B) Comparison of
figure of merit (FoM) CMC: sodium carboxymethyl cellulose; SDS: sodium dodecyl sulphate; FS:
fluorosurfactant (FC-4430).

As mentioned above, we have used Mayer rod coating to deposit rGO-MWNT films onto glass
substrates [14]. The rGO-MWNT film exhibits a sheet resistance of 380 Ω/sq at 85% transmittance.
Moreover, the rGO-MWNT film has a FOM value of 6. In contrast, the sheet resistance of rGO-SWNT
film in this study is ~80 Ω/sq at ~86% transmittance before doping, and reduces to ~25 Ω/sq after
doping. The FOM value of rGO-SWNT film is 30 (Figure 9), being much higher than that of rGO-MWNT
sample. Apparently, rGO-MWNT films exhibit much higher sheet resistance and poorer electro-optical
performance than rGO-MWNT films in this work. This can be attributed to each graphene layer
of MWNTs contributes to the light absorption, resulting in strong light absorption of rGO-MWNT
films [30]. In addition, rGO-MWNT films are deposited on rigid glass substrates, so their mechanical
flexibility cannot be evaluated through mechanical bending test. On the contrary, rGO-SWNT films
are coated on flexible PET plastic substrates, so their electro-optical performance due to mechanical
bending can be determined accordingly.
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In addition to excellent electro-optical properties of rGO-SWNT films, TCs require mechanical
durability to withstand mechanical bending of flexible, portable consumer electronics. Figure 10A
shows that the electrical resistance of the rGO-SWNT films exhibits negligible change over 2000 bending
cycles to a radius of 2 mm, with a minor increase in resistance consistent with previous reports,
verifying the utility of this material for devices in which a high tolerance to the twist of flexibility is
necessary. While the rGO-SWNT exhibits no degradation, PET substrate exhibits plastic deformation
under these conditions, which is the main reason contributing to the resistance increase.

Figure 10. (A) Relative sheet resistance vs. benching cycles for rGO-SWNT films. R0 is the electrical
resistance of samples before bending, and R is the electrical resistance that changes with bending
cycles. Error bars reflect standard deviation for five measurements; (B,C) Mechanical stability of
rGO-SWNT/PET film: before and after the Scotch tape test; (D) Sheet resistance vs. transparency
before and after Scotch tape peeling test.
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While bending stability confirms that the material can deform without failure, it does not
necessarily imply strong film adhesion to the substrate. It is known that solution-processed CNT
film interacts weakly with the polymer substrate, resulting in poor adhesion of the coating. This can
cause significant yield loss during device processing. A scotch tape test was therefore performed to
assess the substrate adhesion performance of rGO-SWNT films. A strip of tape is applied to the films
and peeled off in a controlled manner. Then the tape and sample are inspected for the film damage.
The optical pictures of rGO-SWNT film coated on PET substrate before and after tape testing are shown
in Figure 10B,C. No significant film damage is found in the rGO-SWNT film after tape testing. Electrical
measurements agree reasonably with this result. Specifically, these films exhibit negligible resistance
change after tape adhesion test (Figure 10D). We propose that the microwave treatment plays a critical
role in enhancing the film adhesion. As reported before, CNT-polymer welding is an important effect
caused by microwave heating [48–52]. It usually leads to strong adhesion between the nanotubes and
the plastic. Given microwave heating is highly selective, only nanotubes absorb microwave energy
and heated accordingly, so it can be carried out without causing significant distortion of underlying
PET substrate [49].

It can be concluded that the rGO-SWNT samples exhibit low sheet resistance of ~80 Ω/sq and
~25 Ω/sq respectively at ~86% transmittance before and after nitric acid doping. The rGO-SWNT
film also exhibits a high FOM value of 30. The excellent electro-optical properties, coupled with the
intrinsic flexibility and good film adhesion property make the rGO-SWNT conductor an excellent
or ideal replacement for ITO. In terms of scalable film production and high quality of the products,
the method introduced in this study is much superior or better than those films reported in the
literature. In Figure S8A we show a film of ~4 × 5 inch2 prepared by this method. The film appears to
be very uniform without any nanotube aggregates. Moreover, microscopic examinations of different
locations of the film also reveal a similar morphology (Figure S8B,C). Therefore, it is expected that the
GO-SWNT ink can be well adapted to the coating processes in industries including slot, slide, and
roll-to-roll, facilitating a fast and mass production of continuous film with high quality. In addition,
the film properties can be fine-tuned by monitoring the compositions and/or the thicknesses of the
films. We anticipate that this work can trigger further study of novel dispersants for SWNTs and the
better use of resulting SWNT inks with functional properties.

4. Conclusions

We have presented a promising graphene oxide-based approach for preparing carbon nanotube
inks for scalable production of carbon-based TCs. This strategy combines scalable, low-cost
production of graphene oxide with tunable nanotube ink formulation for a technique compatible
with large-scale production, thus providing new opportunities for broad integration of the films
in industrial applications. The resulting films exhibit many of the desirable properties such as
good film adhesion, sheet resistance of ~80 Ω/sq at 86% transparency, being the best amongst
solution-processed carbonaceous films. Moreover, nitric acid doping can further decrease the sheet
resistance to ~25 Ω/sq. Finally, microwave treatment induces rapid welding between the film and
the substrate, yielding the films resilient to strong mechanical stresses including cyclic bending and
adhesion testing. The concurrent realization of these properties in a scalable and adaptable process
represents a significant advance for using nanotube inks in manufacturing transparent conductors.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/4/224/s1.
Figure S1: TEM micrograph of as-received SWNTs. Figure S2: AFM image of as-synthesized GOs (on freshly
cleaved mica). Figure S3: Contact angle results for GO-SWNT inks with different compositions on PET substrates.
(A) 1 mg/mL, (B) 2 mg/mL, (C) 3 mg/mL, (D) 4 mg/mL and (E) 6 mg/mL. The SWNT content is 0.2 mg/mL.
Contact angles (from left to right) are 59.7◦, 54.4◦, 59.9◦, 56.4◦ and 55.6◦, respectively. Figure S4: Contact angle
results for GO-SWNT inks with different compositions on PET substrates after oxygen plasma treatment. (A)
1 mg/mL, (B) 2 mg/mL, (C) 3 mg/mL, (D) 4 mg/mL and (E) 6 mg/mL. The SWNT content is 0.2 mg/mL.
Contact angles (from left to right) are 10.2◦, 10.5◦, 10.7◦, 10.7◦ and 10.6◦, respectively. Figure S5: 3D topography of
rGO-SWNT films prepared from different GO-SWNT dispersions: (A) 5:1, (B) 10:1 and (C) 20:1. Figure S6: (A) AFM
height and (b) amplitude micrographs of rGO-SWNT film prepared from the ink having GO to SWNT mass ratio of
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30:1. Figure S7: (A) Effect of nitric acid doping on electro-optical performance of 86% transparent rGO-SWNT films.
(B) Stability of nitric acid-doped 86% transparent rGO-SWNT film. Figure S8: (A) Photograph of a GO-SWNT film
of ~4 × 5 inch2 prepared from GO-SWNT ink by rod coating. (B) and (C) Low magnification SEM micrographs of
location I and II showing morphological uniformity of the film. The white dots are catalyst impurities.
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Abstract: We study light trapping and parasitic losses in hydrogenated amorphous silicon thin
film solar cells fabricated by plasma-enhanced chemical vapor deposition on nanostructured back
reflectors. The back reflectors are patterned using polystyrene assisted lithography. By using O2

plasma etching of the polystyrene spheres, we managed to fabricate hexagonal nanostructured back
reflectors. With the help of rigorous modeling, we study the parasitic losses in different back reflectors,
non-active layers, and last but not least the light enhancement effect in the silicon absorber layer.
Moreover, simulation results have been checked against experimental data. We have demonstrated
hexagonal nanostructured amorphous silicon thin film solar cells with a power conversion efficiency
of 7.7% and around 34.7% enhancement of the short-circuit current density, compared with planar
amorphous silicon thin film solar cells.

Keywords: light trapping; silicon thin film; photovoltaics; polystyrene sphere assisted lithography;
nanostructured back reflectors

1. Introduction

By applying plasma-enhanced chemical vapor deposition (PECVD), hydrogenated amorphous/
microcrystalline silicon (a/μc-Si:H) tandem solar cells fabricated at low temperatures (around 150 ◦C)
have been researched extensively over the last decade and have achieved over 14% stabilized
efficiency [1]. Silicon thin films are promising candidates for future large-scale photovoltaics due to
their advantages including lesser material usage, compatible with roll-to-roll processes on flexible
substrates, usage of nontoxic and abundant active material, and so on. Effective light trapping
mechanisms are of extreme importance in fabricating such high efficient solar cells due to the low
absorption coefficient of microcrystalline silicon in the near-infrared region. Nanostructured Ag/ZnO
back reflector (BR) substrates are one of the most effective and process compatible approaches
for an enhanced light trapping performance in silicon thin film solar cells. A typical BR utilizes
metallic or metal/dielectric nanostructures, which produce a far field scattering effect for an extended
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light traveling path [2–5], hence a higher absorption. We have previously investigated enhanced
light scattering of the BRs patterned by using double size polystyrene (PS) assisted lithography [6].
However, due to plasmonic absorption by the metal/dielectric nanostructures, a significant amount of
parasitic losses in the BR is also introduced [7]. To address and characterize such losses, Bruggeman
Effective Medium Approximation (BEMA) was previously applied by L. R. Dahal et al. to study the
parasitic losses due to a flat or “nanoscale roughness” Ag/ZnO and Al/ZnO interface [8]. However,
typical metal/dielectric nanostructures will have dimensions larger than a few tens of nanometers.
For example, random nanostructured ASAHI U type substrates with a r.m.s. roughness of around
35 nm are often used in silicon thin film solar cells to enhance light trapping [9]. For random Ag/ZnO
BR parasitic losses estimation, extra experimental results are needed to set up an accurate BEMA model.
To study the periodic metal/dielectric structures, electromagnetic simulations can be used [10,11].
Not only it is a powerful tool for the design, optimization, and interpretation of the light-nanostructures
interactions, but also the absorption enhancement effect in the active layer can be systematically studied
and different mechanisms of the electric field enhancement in the system can be readily isolated [12].

In this work, we first systematically studied optical losses in flat Ag/ZnO BRs and random
nanostructured Ag/ZnO ASAHI BRs. With different ZnO thickness as the extra variable, we assessed
the simulation accuracy of the proposed BEMA model by experimental results. The origin of the
parasitic losses in random ASAHI nanostructured Ag/ZnO BRs is concluded. We have used effective
medium theory only to describe the effect of random surface roughness of the BRs. After that, by
using PS sphere assisted lithography [13], hexagonal nanostructured Ag/ZnO BRs were fabricated.
Light scattering properties, as well as optical losses in such BRs were compared with random
nanostructured ASAHI BRs. With the help of high frequency electromagnetic field simulator (HFSS),
we further investigated the corresponding optical losses in each layer separately. Last but not least, a
full device was built upon the BR in the simulation model. Different light scattering modes and each
layer’s parasitic losses in the final device were extracted from the simulation results. Photo-generated
current was calculated using the AM1.5G solar spectrum. Based on the optical model, we fabricated
and characterized silicon thin film solar cells. Experimental results are presented for comparison
and verification.

2. Experimental Details

2.1. PS Assisted Lithography for Ag Nanostructures on Glass and Hexagonal Back Reflectors

The PS spheres used in this work were a monodisperse suspension with 5 wt. % in water,
obtained from microparticles Gmbh (Berlin, Germany) with nominal diameters of 607 ± 15 nm.
We used methanol as the spreading agent, mixed in 1:1 volume ratio with the pristine PS solution.
Prior to the PS sphere monolayer transfer, Corning glasses were cleaned with acetone, isopropanol
(IPA), and de-ionized (DI) water in an ultrasonic bath, followed by a 10 min UV-Ozone treatment
to keep the surface hydrophilic. We used the floating transfer technique for PS spheres monolayer
deposition on Corning glass. After that, we used an electron cyclotron resonance (ECR) oxygen plasma
etching process for a uniform size reduction of the PS spheres [13]. For the oxygen plasma etching
process, we used 40 sccm of O2, a pressure of 2.7 × 10−3 mbar, and 160 s of etching time at 500 W of
plasma power. After thermal evaporation of 100 nm Ag, the substrates were immersed for 20 min in a
low power ultrasonic bath in toluene for a complete removal of remaining PS spheres. Another 10 min
IPA and DI water ultrasonic bath was applied for a complete removal of any organic solvent residue.
Overall fabrication process and SEM image of the hexagonal back reflector are shown in Figure 1.
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(a) 

 
(b) 

 

Figure 1. (a) Fabrication process and (b) Top view SEM image of hexagonal back reflectors
(pitch = 607 nm) taken after the final step in Figure 1a.

2.2. Solar Cell Fabrication and Characterization

Amorphous silicon based p-i-n solar cells were deposited in a radio frequency (RF) PECVD
system [14]. First, a 25 nm thick n-type microcrystalline silicon oxide layer was deposited on the
BR [15]. Without breaking the vacuum, ~230 nm of intrinsic amorphous silicon layer was deposited
using SiH4 plasma at 150 ◦C, 2 W RF power, and 30 sccm SiH4 flow rate, followed by a 25 nm thick
p-type amorphous silicon layer. Lastly, 80 nm of indium tin oxide (ITO) was deposited to form the top
contacts and to define the cell size of 0.126 cm2. Such a fabrication order is often referred to as an n-i-p
solar cell [16]. A schematic image of the cross section of the device and its corresponding top view
SEM image acquired using a Hitachi S-4700 scanning electron microscope is shown in Figure 2.

The current density-voltage (J-V) characteristics of the solar cells were measured under AM1.5G
illumination with a commercial solar simulator (Oriel AAA, Irvine, CA, USA), calibrated using a
crystalline Si reference cell. Total and diffused reflectance were measured using a Perkin-Elmer
Lambda 950 spectrophotometer (London, UK) from 350 nm to 1100 nm wavelength range with a
150 mm integrating sphere and an InGaAs detector.
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(a) 

 
(b) 

Figure 2. (a) Top view SEM image of the complete solar cell and (b) Schematic cross section of a
hexagonal back reflector solar cell.

3. Results and Discussion

In this section, optical reflectance measurements on a series of flat Ag/ZnO BRs with different
ZnO thickness, ASAHI Ag/ZnO BRs, and modeling results based on BEMA will be discussed first.
Then, both experimental and HFSS simulation results of the hexagonal Ag/ZnO nanostructured BRs
will be presented and compared for absorption mechanism analysis. After that, HFSS simulation
results with an active silicon layer on the BR will be presented and analyzed. Last but not least, J-V,
external quantum efficiency (EQE), and optical absorption (1 – Rtotal – Ttotal) results of the solar cells
fabricated on a hexagonal Ag/ZnO nanostructured BR will be compared with the devices made on flat
Ag/ZnO BR and on flat ZnO/Corning glass substrates.

3.1. Optical Characterization of Flat and ASAHI Back Reflectors

Before we proceed to study the optical properties of our nanostructured BRs, reference flat
Ag/ZnO on glass substrates were fabricated and reflectance data were measured. Figure 3 shows the
reflectance data from sputtered ZnO (0 to 160 nm) on 200 nm sputtered Ag on the glass. Figure 4a
shows the reflectance data of ASAHI BR with 0, 50, and 100 nm of ZnO. Figure 4b shows the BEMA
simulation model we used. Figure 4c,d show the simulated results for various thicknesses of the rough
interface layer L2.

 
(a) 

 
(b) 

Figure 3. Total reflectance measured on a glass substrate coated with 200 nm Ag and various thicknesses
of ZnO (0–160 nm). (a) 0–80 nm and (b) 100–160 nm.
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(c) 50 nm ZnO 

 
(d) 100 nm ZnO 

Figure 4. (a) Total reflectance measured on ASAHI substrate coated with 200 nm Ag and with 0, 50,
and 100 nm of ZnO; (b) Bruggeman effective medium approximation model applied for the Ag/ZnO
back reflector (BR) study; (c) and (d) Simulated total reflectance of 50 and 100 nm ZnO (layer 1) with 0
to 30 nm of Ag/ZnO interface (layer 2) thickness.

3.1.1. Total Reflectance from Flat and ASAHI Back Reflectors

As expected, a pure 200 nm of Ag film on glass provides a highly reflective surface from the
350 nm to 1100 nm wavelength range, with minimum absorption at shorter wavelength. In Figure 3a,
we observed that when a thin ZnO was deposited on top of Ag, with its increasing thickness from
20 nm to 100 nm, the local reflectance minimum at 415~420 nm diminishes. D. Sainju et al. [17]
concluded that the rough Ag/ZnO interface introduces localized plasmonic absorption at around
2.9 eV due to the nano-protrusions on the Ag surface, which exactly corresponds to local reflectance
minimum at 420 nm observed in Figure 3a. With increasing ZnO thickness from 20 nm to 80 nm, such a
local reflectance minimum becomes less significant. A previous study has reported that refractive index
of sputtered ZnO thin film are different when deposited on different substrates [18]. E. Moulin et al.
concluded that for thin film silicon solar cells with a Ag BR structure, dielectric material with a lower
refractive index between Ag and active silicon thin films results in lower optical losses in BRs [19].
From [20], the author argues that when an interference minimum in reflectance matches the plasmon
energy of the rough Ag/ZnO interface, this will lead to a strong coupling of the energy from the optical
field into the plasmon mode. With the increased film thickness, the interference minimum shifted away
from 420 nm due to Fabry-Perot resonance. Such a shift has led to a decreased plasmon absorption,
hence a decreased local reflectance minimum at 420 nm is observed.

The shifts of the interference minimum due to Fabry-Perot resonance are easier to observe in
Figure 3b. From Figure 3b, when a thicker ZnO was deposited on top of Ag, with the increasing
thickness from 120 nm to 140 nm to 160 nm, reflectance minimum shifts from 400 nm to 430 nm to
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470 nm. By using the refractive index of crystalline ZnO on metal from reference [18], we can calculate
the condition of destructive interference using

λ_destructive = (2 × n_ZnO × t_ZnO × cos (7◦))/(m − 1/2) (1)

where m = 1 for the first and m = 2 for the second destructive interference respectively. At 120 nm ZnO
thickness, by using n_ZnO = 2.46 at 400 nm wavelength [18] (where we suspect 400 nm is the 2nd
destructive inference), the calculated λ_2nd_destructive at m = 2 is 390 nm. This calculation matches the
observation of the red shifting of the reflectance minima with increasing ZnO thickness. The difference
between the calculated reflectance minima and our experimental data might be due to the difference
in the ZnO refractive index when deposited on different substrates; the metal substrate used in
reference 14 is Pt, while we are using Ag in our case. The first destructive interference wavelength
λ_1st_destructive is calculated to be 1010 nm, by using n_ZnO = 2.12 at 900 nm wavelength [18], m = 1.
This further explains the reduced reflectance for the wavelength range from 900 nm and beyond in
Figure 3b. Other than above, the increased free carrier absorption of a thicker ZnO layer will also
play a role in the overall optical performance [21]. From the experimental data, to avoid parasitic
absorption by the BRs in the longer wavelength range, 100 nm of ZnO might be more desirable when
compared with thicker ZnO cases, as the thickness of ZnO determines the absorption behavior of flat
Ag/ZnO BRs. Special care shall be taken at ZnO thickness when BRs are nanostructured.

With the above understanding of flat Ag/ZnO BRs performance, the reflectance results from
ASAHI BRs are presented in the next section. In Figure 4a, 200 nm of Ag sputtered on rough ASAHI
substrate shows a lower reflectance compared with 200 nm of Ag sputtered on flat glass substrate.
This is due to a higher plasmonic absorption on a rough Ag surface [22]. With 50 nm of sputtered
ZnO on top, significant absorption is observed for all wavelengths with local reflectance minimum
at around 440 nm. With 100 nm of sputtered ZnO on top, reflectance further reduces from the 600 to
1100 nm wavelength range but partially recovers from the 400 to 600 nm range. Two local minima at
around 500 and 880 nm have been observed. Such large differences in optical performance between flat
BR and ASAHI BR shall be fully understood before we proceed to study the more complex hexagonal
nanostructured Ag/ZnO BRs. Other than the total reflectance properties, the effect of nanostructure
morphology on diffused reflectance will also be studied and presented in later sections.

3.1.2. Bruggeman Effective Medium Approximation Simulation

In this section we use the Bruggeman Effective Medium Approximation (BEMA) method to
estimate the optical performance of the random nanostructured ASAHI Ag/ZnO BRs. BEMA is
a fast simulation method for the macroscopic properties of composite materials, which we use to
simulate Ag and ZnO mixture in BRs. With a 35 nm r.m.s. roughness on ASAHI substrate surface [9],
one would expect less than 35 nm surface roughness at Ag/ZnO interface with added smoothing
effect of the sputtered Ag layer [23]. To estimate the Ag/ZnO interface roughness and to correlate
between interface roughness and the optical performance, BEMA simulation is used to study the
random nanostructure ASAHI Ag/ZnO BRs. Figure 4b shows the BEMA simulation model we used.
We designed our simulation model such that Ag/ZnO interface roughness is modelled as a thin film
layer (L2) composed of 50% Ag and 50% ZnO, in between the pure ZnO layer (L1) and pure 200nm Ag
layer (L3). By assuming a uniform Ag surface roughness and also a conformal coating of the ZnO on
top, 50% to 50% composition ratio of the two materials and 0% void should be a good approximation
to model the interface roughness layer. Figure 4c,d show the simulated reflectance with 50 and 100 nm
of ZnO layer respectively. Interface roughness, that is, the thickness of L2, was changed from 0 to
30 nm in steps of 5 nm.
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With 50 nm of ZnO, comparing between the experimental results in Figure 4a and simulation
results in Figure 4c, we can see that in terms of the absolute magnitude (~20%), the reflectance from
ASAHI BRs is close to the case of simulated 25 nm interface roughness. However, in terms of the
position of the local reflectance minima, the reflectance from ASAHI BRs is close to the case of simulated
10 nm interface roughness. Similarly, in the case of 100 nm ZnO, a simulated 25 nm interface roughness
shows closer results in absolute magnitude, and a simulated 10 nm interface roughness shows a closer
result to the experimental data in position of the local reflectance minima. The above observations
can be explained considering that with increasing Ag/ZnO interface layer thicknesses, the effective
overall ZnO thickness will be increased. The red shift of the reflectance minima is due to the increased
ZnO thickness.

From the simulation results above, we can observe that ZnO thickness (L1) determines the shape
of the reflectance curve, while Ag/ZnO interface thickness (L2) determines the magnitude of the
reflectance value. We suggest that top ZnO (L1) governs the interference behavior of the incident light.
Ag/ZnO interface (L2) on one hand could absorb light which reduces the overall reflectance, and on
another hand could be effectively treated as an antireflection layer in between ZnO and bulk Ag. Such
an antireflection effect causes more light to be transmitted into bulk Ag (L3), hence more parasitic
absorption. From Figure 4c,d, with a uniform increasing L2 thickness, we observe a uniform reduction
in reflectance for the wavelength range around 1000 nm. However, in the wavelength range around
500 nm, the reduction of reflectance is large when L2 is thin (15% reduction from 5 to 10 nm) but small
when L2 is thick (5% reduction from 25 to 30 nm). This can be explained by the antireflection effect,
which saturates with increasing L2 thickness. The saturation in absorption loss of the BRs has been
reported by J. Springer et al. [24], while we propose a new possibility to explain such behavior using
BEMA approximation.

Our model predicts that such BR has an interface thickness of 25 nm. Surprisingly if we compare
the simulated 5 nm interface roughness (100 nm ZnO layer 1) with 100 nm ZnO on 200 nm Ag
reflectance data in Figure 3, we can also observe a similar reflectance magnitude and local minima
position. Hence, from the perspective of our simulation results, the nominally flat Ag/ZnO BR also
has a 5 nm Ag/ZnO interface thickness. The ZnO/air surface roughness has been investigated as well,
but no significant changes in the reflectance behavior were observed.

3.2. Experiment and Simulation Results on Hexagonal Ag/ZnO Nanostructured Back Reflectors

In previous sections, we have presented the study on the flat and random nanostructured ASAHI
BRs. Their optical loss mechanisms were investigated and correlated with the thickness of ZnO layer as
well as Ag/ZnO interface layer. In this part, hexagonal nanostructured BRs are studied. Figure 5 shows
the top view of the BRs with different O2 plasma etching times (see Figure 1a for the process flow).

BEMA is not appropriate to describe the optical behavior of our hexagonal nanostructured
BRs. For such BRs, with a semi-periodic arrangement of the metal/dielectric nanostructures and
close-to-visible wavelength inter-nanostructure distance, we expect more plasmonic modes to be
present in the system, hence higher optical losses in the hexagonal nanostructured BRs compared with
random ASAHI BRs. However, a higher optical loss of the nanostructured BR might not necessarily
mean a lower quality. For the nanostructured BRs, light scattering capability is another figure of merit
that might be more crucial for one to take into consideration. The diffused reflectance is an indirect
way to characterize the scattering capability of the BRs [25]. To further investigate, not only the total
reflectance but also the diffused reflectance data were collected.
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Figure 5. SEM images of hexagonal Ag/ZnO back reflectors obtained with 0, 60, 90, and 120 s of O2

plasma treatment of polystyrene spheres (See Figure 1a for process flow).

3.2.1. Total and Diffused Reflectance of Hexagonal Ag/ZnO Nanostructured Back Reflectors

Figure 6a,b show the total and diffused reflectance of the hexagonal nanostructured BRs and
ASAHI BR with 100 nm ZnO (see Figure 5 for SEM images). Similar optical performance of the
different BRs is observed. Comparing with ASAHI BR, we observe higher total reflectance as well
as higher diffuse reflectance from around 370 nm to around 570 nm range. This shows that for the
above range, hexagonal nanostructured BRs not only have a lower optical loss but also have a stronger
light scattering capability. However, from around 570 nm to 840 nm range, which is more critical for
light trapping in silicon thin film solar cells, the total reflectance of hexagonal nanostructured BRs is
significantly lower than that of the ASAHI BR, especially for the BRs fabricated using O2 plasma etching.
This indicates that, other than Ag/ZnO interface roughness, additional absorptions are present in the
hexagonal nanostructured BRs. Due to such significant additional absorptions, the amount of light
that is diffused is reduced as well. Hence, for around 570 nm to 700 nm, the diffuse reflectance values
of hexagonal nanostructured BRs are lower than ASAHI BR. For the 60 s hexagonal nanostructured
BR case, from 700 to 900 nm range, a similar or even higher diffuse reflectance compared to ASAHI
BR is obtained (Figure 6b), regardless of the observed higher optical losses on the 60 s hexagonal
nanostructured BR. What’s more, with the increasing etching time, we notice a decrease in the diffused
reflectance, and a red shift in the total reflectance. To understand the source of the reduced reflectance
at different local minimum and the effect of the etching time for the losses in total reflectance, the HFSS
model was designed and simulation results were extracted and compared with the experiment results.

 
(a) (b) 

Figure 6. (a) Total and (b) diffused reflectance of hexagonal Ag/ZnO BRs and ASAHI BR with 100 nm ZnO.

3.2.2. Simulated Absorption of Hexagonal Ag/ZnO Nanostructured Back Reflectors

Figure 7a,b shows the unit cell in the simulation model and corresponding cross sectional view
of the BRs we designed in HFSS. Due to the periodic boundary conditions placed onto the six sides
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of the unit cell, an infinite large area is simulated by repeating the unit cells next to each other.
Such hexagonal nanostructure has a fixed periodicity of 600 nm (P), which is the diameter of the PS
spheres we used during fabrication. The opening of the nanostructures (D) is set to be either 595 nm
or 400 nm. At D = 595 nm, the opening of the nanostructure is close to the initial diameter of the PS
sphere. We use such a condition for the approximation of 0 s etched BR performance estimation. For the
120 s etched BR case, the opening diameter is measured from the SEM image and approximately to be
400 nm. Hence D = 400 nm is used for approximation of the 120 s etched BR performance estimation.
The ZnO thickness t1 was set at 100 nm, below Ag hexagonal nanostructures thickness t2 was set at
100 nm. Bottom bulk Ag thickness was set at 200 nm.

 

Figure 7. Simulated hexagonal nanostructured back reflector; (a) HFSS unit cell in the simulation
model and (b) corresponding cross sectional view.

Figure 8 shows the comparison of the measured absorptance (1 – R) for 0 and 120 s etched BRs
and simulated absorption in each layer for 595 and 400 nm opening models. Other than the absorption
by ZnO at its optical band gap around 360 nm, four distinctive absorption peaks (a–d highlighted in
yellow) are observed both from experiment and simulation results. The peak marked a in Figure 8 is
attributed to the ZnO bulk absorption [18]. The peak b is attributed to the Ag plasmonic resonance
absorption, which shifts with the opening size. However, this peak did not contribute to overall
BR absorption significantly in the experiment. This might be due to the fact that in real devices,
the semi-periodic nanostructures did not produce a strong plasmonic effect as compared with the
simulation case where they are rigorously periodic. Peaks c and d near 500–600 nm are mainly due to
ZnO absorption which was enhanced by the nanostructured Ag below [26]. A consistent red shift of
the experimental results with respect to the simulations is observed. This might be due to the minor
difference in ZnO film thickness between experiment and simulation model.

 

Figure 8. (a) 0 s etched BR measured absorption (top) compared with a simulated absorption under
595 nm opening (D = 595 nm) simulation case; (b) 120 s etched BR measured absorption (top) compared
with simulated absorption under 400 nm opening (D = 400 nm) simulation case.
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With the help of HFSS simulation, we managed to assign each of the optical losses in the
periodical hexagonal nanostructured Ag/ZnO BR. Other than the rough Ag/ZnO interface absorption
as modelled by the BEMA method, ZnO absorption enhanced by the bottom Ag nanostructure also
contributes significantly to the BR absorption. The significant background absorption in NIR region
for the experimental results, which differs by about 20% simulation, are attributed to Ag plasmonic
absorption due to rough surfaces.

3.3. Experiment and Simulation Results on Hexagonal Ag/ZnO Back Reflector Solar Cells

To investigate the potential parasitic losses from the BRs in solar cell devices as well as to
understand different light scattering modes that appeared due to such nanostructures, 25 nm n-type
amorphous silicon, 230 nm intrinsic amorphous silicon, 25 nm p-type amorphous silicon, as well as
80 nm top ITO are added on top of the 400 nm opening BR. The 400 nm opening of the BR and final
240 nm opening of the finished device is measured from SEM images in Figures 1b and 2a respectively.
This model simulates the 120 s O2 plasma etched BR and its corresponding solar cell. Due to additional
layers added in the model, parasitic losses will be introduced not only by the BRs, but also from ITO
and the recombination in highly n/p doped layers. Indeed, those layers will also absorb light but will
not contribute to photo-current generation. Figure 9a shows the unit cell and the corresponding cross
section of the simulation model of a hexagonal BR solar cell. The overall absorption and individual
layers’ absorption are simulated.

 

Figure 9. (a) High frequency electromagnetic field simulator (HFSS) simulation model for hexagonal
BR solar cell; (b) Simulated and measured absorption of the plannar Ag/ZnO BR solar cell.

To validate our simulation results, simulated overall absorptance, and measured absorptance
(1–measured reflectance) of the flat Ag/ZnO BR solar cell device are plotted in Figure 9b. We can
observe similar absorption trend between simulation and experiment. Again experimental results are
slightly red shifted, due to the minor difference in film thickness (including ITO, ZnO, and silicon thin
films) between experiment and simulation model. Additional contribution to increased absorptance in
measured data might be reduced reflectance due to surface roughness, which were not been included
in the simulation. In the next section, we present the simulation results of hexagonal nanostructured
Ag/ZnO BR solar cells.

3.3.1. Parasitic Losses and Absorption Enhancement Analysis

To analyze the parasitic losses in the different layers of the n-i-p solar cell and the absorption
enhancement in the intrinsic silicon layer, the base line for us to compare is the simulated planar
device. Based on the difference between planar and nanostructured solar cells, solid conclusions on the
parasitic losses, absorption enhancement, and light scattering modes can be drawn. Figure 10a–d shows
the simulated ITO, p-type silicon, n-type silicon, and BR absorption for both planar and nanostructured
solar cells. From the results we can see that after the solar cells are nanostructured, ITO absorption is
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greatly enhanced, p layer absorption is reduced, and n layer absorption is reduced from 500 to 650 nm
but enhanced from 650 to 720 nm range. For the Ag and ZnO layers, our results show that in planar BR
solar cell, Ag almost does not absorb any light and minimum absorption around 620 nm is observed
for ZnO. For the nanostructured BR solar cell, ZnO absorption is reduced and red shifted to 690 nm.
Two peaks at 700 and 760 nm are observed for Ag. These two absorption peaks will contribute to
parasitic absorption as well. Unlike the above results where high absorption is observed for the BRs in
air medium, when silicon active layers are deposited on top, BR parasitic absorption is less important
as compared to the top ITO parasitic absorption.

 

Figure 10. (a) Indium tin oxide (ITO) absorption; (b) p layer absorption; (c) n layer absorption;
(d) Ag/ZnO BR absorption.

To study the absorption enhancement effect, intrinsic amorphous silicon absorption is plotted in
Figure 11a for planar and nanostructured cases. We can observe that the absorption in the intrinsic
layer for the nanostructured solar cell is significantly enhanced not only in the short wavelength
range (350–520 nm) but also for longer wavelength range (550–720 nm). With referring to the
formula below [27] and by using 1.71 eV band gap for amorphous silicon and the AM1.5G solar
spectrum, we calculated the generated photo-current density to be 18.3 mA/cm2 and 15.0 mA/cm2 for
a nanostructured and planar solar cell respectively. In the formula below, I(λ) is the spectral irradiance
of the standard AM1.5G solar spectrum, A(λ) is the absorption in the active absorber layer, and E(λ) is
the energy of the photon at its corresponding wavelength:

JSC =
∫

300 nm to 1200 nm {[Eg × I(λ) × A(λ)]/E(λ)} dλ (2)

To characterize the light resonance mode for the nanostructured solar cell, we selected 670 nm
where a sharp absorption enhancement peak is observed in Figure 11a and we compared the electric
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field distribution in the nanostructured and planar solar cell. Figure 11b shows the electric field
distribution at 670 nm incident wavelength. From Figure 11b, we can clearly see the light trapping
effect of the nanostructured solar cell. Multiple “hot spots” are induced. The generation of those
“hot spots”, that is, high electric field strength regions, is due to interferences and waveguide modes.
Strong resonance modes are induced inside intrinsic layer. Hence the absorption in the intrinsic layer
is strongly enhanced.

Figure 11. (a) Simulated intrinsic amorphous silicon absorption; (b) E field distribution of
nanostructured and planar solar cell at 670 nm.

3.3.2. Experimental Results

Last but not least, we fabricated solar cells using conventional 1 μm ZnO on glass substrates,
Ag/ZnO flat BR substrates, and hexagonal nanostructured Ag/ZnO BR substrates. The experimental
results are compared and analyzed. Figure 12a shows the J-V characteristics and a table summarizing
their parameters. Figure 12b shows the EQE and optical absorption data (1–total reflectance) of the
planar Ag/ZnO BR and hexagonal nanostructured Ag/ZnO BR solar cell.

 

Figure 12. (a) Density-voltage (J-V) and solar cell parameters of different solar cells; (b) external
quantum efficiency (EQE) and absorption (1 – R_total) of nanostructured and planar Ag/ZnO BR
solar cells.

From Figure 12a, we observe an increasing short-circuit current density. With the incorporation of
flat Ag/ZnO BR, 2.0 mA/cm2 of short-circuit current density are gained compared to the transparent
ZnO on a glass substrate. The current collection is enhanced by 16.5%. With the incorporation of
hexagonally nanostructured Ag/ZnO BR, not only is the open-circuit voltage not compromised but
also the short-circuit current density is further enhanced by 2.2 mA/cm2. The total Jsc enhancement
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compared to the reference transparent flat ZnO substrate is as high as 34.7%. From EQE and absorption
results in Figure 12b, we observed the enhanced light absorption from 550 to 750 nm wavelength
range. This indicates an improved light collection efficiency by incorporating the nanostructured
BR into the flat BR device, which leads to an enhanced short-circuit current. Notably, for the flat
Ag/ZnO BR substrate we find good agreement between the measured short-circuit current density
in the experiment and the calculated short-circuit current by simulation (6% difference). However,
simulation predicted an 18.3 mA/cm2 short-circuit current density for the hexagonal nanostructured
solar cell, while experimentally we only obtained 16.3 mA/cm2 (10.9% difference). Such difference
is expected, as in our ideal simulation model, electrical resistivity, defects at the n/i interface, i/p
interface, as well as bulk defects in the intrinsic layer are not considered and the collection efficiency
of charge carriers is assumed to be 100%. Furthermore, the nanostructured solar cells have a larger
contact area compared to the planar solar cells. Hence we would expect more interface defects, which
leads to a larger simulation to experiment difference for the nanostructured solar cell than the flat solar
cell. From Figure 12b, for the EQE of our real devices, resonance modes are broadened due to the
semi-periodic arrangement of the nanostructures and a smooth and continuous light trapping effect
from 550 to 750 nm is observed. While in simulated intrinsic silicon absorption, strong resonances at
specific wavelengths contribute significantly to the collected current. This is due to the periodicity
of the feature being rigorously achieved during the calculation, hence strong light trapping effects
are observable only at specific wavelengths. Paetzold et al. [28] reported a series of systematic study
and proved that disordered periodic are superior than the rigorous periodic nanostructured BRs for
silicon thin film solar cell. While in our study, the reasons why the experimental results are not better
than the simulation results are mainly due to the imperfect and unrealistic simulation model which
excluded electrical losses. Even though we cannot conclude that our semi periodic nanostructured
BRs are better than the rigorous periodic nanostructured BRs, nevertheless, the method used in this
work is a good demonstration to achieve a quasi-periodic nanostructures using cost effective PS sphere
assisted lithography. The distorter that contribute to the quasi-periodic nanostructures in our work is
originated from the deviation of close-packed hexagonal assembly of PS spheres, as well as deviation
from oxygen plasma etching of the PS materials.

4. Conclusions

In this work, we have demonstrated a novel hexagonal nanostructured design and fabrication
process for light trapping in silicon thin film solar cells. The hexagonal nanostructured back reflectors
and corresponding solar cells were modeled by the finite element method and verified against
experimental data. The parasitic losses in the back reflector mainly come from the rough Ag/ZnO
interface plasmonic absorption and enhanced ZnO absorption by Ag nanostructures. The high
frequency electromagnetic field simulator was proven to be an effective tool for modeling our
hexagonal nanostructured back reflectors and solar cells. Simulation results show similar trends
with experimental data. From simulation, parasitic losses in our nanostructured solar cells mainly
come from the ITO top contact layer, while back reflector parasitic losses are less significant. Calculated
photo generated current values are close to the experimental short-circuit current, with 6.0% and 10.9%
differences for the planar and nanostructured solar cells respectively. Such a difference is attributed
to certain parameters that were not considered in the simulation, such as electrical resistivity, defects
in the bulk and interfaces. Furthermore, our fabrication approach is not limited to a-Si:H silicon thin
film solar cells, but can also be applied to μc-Si:H silicon thin film solar cells. As a low cost, robust,
and process compatible method, these nanostructured BR strategies are an effective candidate for
improved light trapping performance in silicon thin film solar cells.
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Abstract: The influence of structural configurations of indium aluminum nitride (InAlN) nanospirals,
grown by reactive magnetron sputter epitaxy, on the transformation of light polarization are
investigated in terms of varying structural chirality, growth temperatures, titanium nitride (TiN)
seed (buffer) layer thickness, nanospiral thickness, and pitch. The handedness of reflected circularly
polarized light in the ultraviolet–visible region corresponding to the chirality of nanospirals is
demonstrated. A high degree of circular polarization (Pc) value of 0.75 is obtained from a sample
consisting of 1.2 μm InAlN nanospirals grown at 650 ◦C. A film-like structure is formed at
temperatures lower than 450 ◦C. At growth temperatures higher than 750 ◦C, less than 0.1 In-content
is incorporated into the InAlN nanospirals. Both cases reveal very low Pc. A red shift of wavelength
at Pc peak is found with increasing nanospiral pitch in the range of 200–300 nm. The Pc decreases
to 0.37 for two-turn nanospirals with total length of 0.7 μm, attributed to insufficient constructive
interference. A branch-like structure appears on the surface when the nanospirals are grown longer
than 1.2 μm, which yields a low Pc around 0.5, caused by the excessive scattering of incident light.

Keywords: InAlN; nanospiral; metamaterial; sputtering; chirality

1. Introduction

Chirality-induced polarization effect in the cuticle of scarab beetles, such as Cetonia aurata and
Chrysina argenteola, is well-known to reflect light with brilliant color and a high degree of circular
polarization [1–3]. The reflected circularly polarized light from an incident unpolarized light
toward this biological structure is due to its exo-skeleton, which consists of chitin-based layers, each
progressively rotated by a small twist angle θ with respect to the previous one. Such a naturally helicoidal
structure inspires studies of the optical polarization in synthetic chiral nanospirals or a twistedly
layer-stacking helicoidal structure for applications such as circular polarizers, bandpass filters, and
handedness converters. These are used for, e.g., fiber optical communication, three-dimensional (3D)
glasses, and autostereoscopy [4–7].

Efforts have been devoted to the fabrication and exploration of various chiral structures and
materials by methods including glancing angle deposition (GLAD) [8,9], direct laser writing (DLW) [10,11],
and holographic lithography (HL) [12]. Different materials can be used to fabricate chiral structures for
such polarization-sensitive optical materials, including oxides and fluorides [13,14], gold [11], liquid
crystals [15], and silicon nitride [16].

GLAD is the most common technique for the deposition of dielectric chiral materials in the
form of either self-assembled or periodically helical columns, including spirals. The mechanism of
producing circularly polarized light is described by the interaction between light and the periodic
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structure, induced by a Bragg phenomenon [17,18]. Accordingly, chirality may be tailored to transform
unpolarized incident light to left- or right-handed circularly-polarized light. Large-pitch and long
nanostructures with a suite of periods up to several micrometers is required to produce a high degree of
circular polarization. This is, however, challenging when using the GLAD technique since broadening
and branching of the columns often occur as they grow thicker [13,14].

The DLW method, on the other hand, uses the multi-photon absorption and focused-point laser
light with a high magnification objective to write directly into a photoresist. However, at the sharp
focal point the intensity of the laser light may lead to local polymerization in areas over one hundred
nanometers. This limits the sample size to tens of micrometers, and is thus not economical, both in
terms of material usage and process time.

Holographic lithography (HL) is another method, which combining holography and photo-induced
polymerization techniques to produce uniform periodic as well as quasi-periodic large 3D structures
in photoresist in the optical range [12]. However, this technique is limited to patterning arrayed
features or uniformly distributed periodic patterns only. Hence, for the fabrication of arbitrarily
shaped patterns, other techniques are required.

Most recently, curved-lattice epitaxial growth (CLEG) [19,20] was demonstrated to produce
unique chiral structures by tailoring the nanospiral geometry and internal grading composition of
indium aluminum nitride (InAlN) semiconductors. These were demonstrated to have a very high
degree of circular polarization (Pc) in ultraviolet and visible ranges [20–22]. A remarkable advantage of
CLEG nanorods is their intrinsic curvature, which is fundamentally different from bent rods; bent rods
result from a sharp interface between the two different materials with different lattice parameters (such
as AlN: 3.11Å and InN: 3.54Å) and coefficients of thermal expansions grown together side-by-side
rather than a gradual compositional change. Thus, the latter has a very large internal stress and
strain due to lattice mismatch and strained lattices at the interfacial boundary between two materials.
In contrast, CLEG curved nanorods have negligible internal stress and strain due to their graded lattice
constant and form an epitaxial structure with internal chirality. Furthermore, the lateral compositional
gradient can lead to lateral gradients in optical properties. However, detailed information with regard
to the effect of CLEG nanospiral structural configurations on the transformation of light polarization is
insufficient, which motivates the present study.

The goal of this study is to gain more information about how different growth conditions
(nanospiral structural arrangement, shape, geometric confinement, and chemical composition) affect
the relationship between the exhibiting circular polarization state and its corresponding wavelength of
light reflection. InAlN nanospirals were thus grown by reactive magnetron sputter epitaxy (MSE) with
varying external chirality, growth temperatures, TiN seed thickness, nanospiral thickness, and pitch.
The optical properties of the resultant nanospirals were analyzed by Mueller matrix spectroscopic
ellipsometry (MMSE) and the CompleteEASE software [21,22]. The main Pc peak wavelength and
band of reflected light were found to be highly correlated with the pitch, length, turn, and composition
of the grown InAlN nanospirals. In addition, the possible mechanisms of optical response behavior
were discussed.

2. Experimental Details

An ultra-high-vacuum (UHV) MSE deposition chamber equipped with two 50 mm-diameter and
two 75 mm-diameter targets was utilized to grow InAlN alloys [20,23,24]. The chamber was evacuated
to a base pressure of <3 × 10−9 Torr with a combination of turbomolecular and mechanical pumps.
High-purity 75 mm-diameter Al (99.999%) and 50 mm-diameter In (99.999%) targets were used to
co-sputter ternary InAlN under pure nitrogen ambient, supplied as pure nitrogen gas (99.999999%)
achieved through a getter purifier. Prior to InAlN growth, a titanium nitride (TiN) seed layer was
grown on c-plane-oriented sapphire substrates at 850 ◦C. Typical dc-magnetron powers provided
for In, Al, and Ti targets were of 10, 300, and 250 W, respectively. During the sputtering process,
a negative substrate bias of 30 V was applied to the sample holder to enhance growth by low-energy
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ion assistance. Reference [23] A temporal control of substrate rotating angles and the azimuthal
orientation of the inclined deposition fluxes were used to tailor the twist-angle θ of segments and
chirality of the nanospirals, respectively. Here, θ = 90◦ so that four segments completes one turn. More
details of CLEG nanospiral growth can be found elsewhere [20].

The composition, crystal structure, and growth plane of the sample surface were determined by
θ–2θ scan X-ray diffraction (XRD) using a Philips PW1820 powder diffractometer with a Cu-Kα X-ray
lab source. The morphology and surface geometry of the samples were characterized by a LEO-1550
field-emission scanning electron microscope (FE-SEM).

All optical measurements were done in the spectral range of 245–1000 nm at incident angles of 25◦

using a Mueller matrix spectroscopic ellipsometer (MMSE) produced by J.A. Woollam Co., Inc. (Lincoln,
NE, USA) The CompleteEASE software was used to analyze the data measured by MMSE [21,22].
The light polarization state in MMSE measurement was obtained through So = MSi [11,21], where
So = [So0, So1, So2, So3]

T and Si = [Si0, Si1, Si2, Si3]
T are the polarization states of outgoing and

incident lights, respectively, described with the Stokes vector, and M is the full 16-element Mueller
matrix. For an unpolarized incident light, Si = [1, 0, 0, 0]T , the outgoing Stokes vector, will be
the same as the first column in the normalized Mueller matrix, So = [1, m21, m31, m41]

T(m11 = 1).
An important aspect of the nanospirals in this report is their chirality and potential for transforming
unpolarized light into circularly polarized light upon reflection. Thus, the total degree of circular
polarization PC = S3

S0
of the reflected light is presented.

3. Results and Discussion

3.1. Nanospiral Chirality

Figure 1a,b show side-view SEM images of right- and left-handed InAlN nanospirals, respectively,
grown on sapphire substrates assisted with a 120-nm TiN seed layer under identical conditions except
for the rotational sense. These chiral nanospirals consisted of four complete turns with a designed
pitch of 250 nm, as shown in the images. However, the first pitch is slightly shorter and yields thinner
spirals than those in the subsequent pitches, which is attributed to incubation from the self-induced
formation of nuclei followed by a coalescence and coarsening process until steady-state growth is
achieved in the axial direction [25–27]. The crystalline structure of these nanospirals characterized
by θ/2θ scan XRD are shown in Figure 1c. Reflections of InAlN(0002), TiN(111), and Al2O3(0006) are
exclusively present in this scan, located at 35.1, 36.9, and 42.7◦, respectively. The SEM and XRD results
indicate that these InAlN chiral nanospirals grow preferentially along the c-axis and have the same
In content of 0.19, as calculated by Vegard’s law without taking strain effect into consideration [23].
The circular polarization measurements of the samples are performed by MMSE. The opposite chirality
of the Pc curves measured from two samples with different handedness can be clearly seen in Figure 1d.
The mirroring shape of the two curves is proof of high reproducibility in the MSE growth process.
Though the values of Pc are slightly different between the samples; the high Pc of around 0.75 at 417 nm
indicates that the CLEG InAlN chiral nanospirals are very promising for use as high performance
chiral optical elements. It should be noted that the high Pc values are an indication that these advanced
structures of nanospirals, with complex internal crystal structures instead of homogenous layers [20],
cannot be fully modeled using an ideal stratified 90◦ twisted structure, since that would suggest
suppression of the chiral Bragg peaks. While the full modeling of the structures is beyond the scope of
the present work, it is the topic of an extensive study, including a larger set of rotation schemes, which
is under way.

161



Nanomaterials 2018, 8, 157
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Figure 1. SEM images of (a) right-handed and (b) left-handed indium aluminum nitride (InAlN)
nanospiral film; (c) X-ray diffraction (XRD) patterns of right- and left-handed nanospirals; (d) Pc versus
wavelength of the light reflected from nanospirals with opposite handedness. The negative and positive
Pc is referred to left- and right-handed circularly polarized light, respectively.

3.2. InAlN Growth Temperature

Figure 2 shows plan-view SEM images of InAlN grown at temperatures of 450, 550, 650, and
750 ◦C. Except for the temperature, all samples were grown under the same controlled conditions
where left-handed nanospirals where formed by making four complete turns with a transient substrate
rotation angle θ of 90◦ between segments. All TiN seed layers had a thickness of 60 nm.

162



Nanomaterials 2018, 8, 157

 
(a) (b)

 
(c) (d)

100 nm 

Figure 2. Plan-view SEM images of InAlN nanospirals grown at (a) 750 ◦C; (b) 650 ◦C; (c) 550 ◦C;
and (d) 450 ◦C, respectively. All images use the same scale bar as Figure 2a.

At growth temperatures of 650 and 750 ◦C, well-separated hexagonal nanospirals are formed,
having a well-defined diameter with little deviation as can be seen in Figure 2a,b. When reducing
the temperature to 550 ◦C, the top of the nanospirals becomes tapered with the diameter varying
widely from 10 to 50 nm, as shown in Figure 2c. At temperatures lower than 450 ◦C, the InAlN
initially grows with nanospiral geometry (not shown here), but then coalesces, hence forming a
thin-solid film-like nanostructure with size bigger than 200 nm, as shown in Figure 2d. In addition,
the thickness of the film-like nanostructure is thinner than that of the well-separated nanospirals.
Since the volume of the deposited material is the same, a higher growth rate is expected for the
well-separated nanostructures. However, a trend of decreasing nanospiral total thickness from 1.19 to
0.85 μm with increasing temperature from 550 to 750 ◦C is observed, which is attributed to a lower In
incorporation rate at a higher growth temperature [26,27].

The InAlN growth temperature affects not only the morphology, but also the nanospiral material’s
optical properties. Figure 3 shows a plot of Pc versus wavelength for five different temperatures.
Distinct Pc peaks can be seen when the growth temperature is in the range of 550–750 ◦C. The highest
|Pc| of approximately ~0.75 is obtained for the sample grown at 650 ◦C. |Pc| decreases to 0.5 for the
550 ◦C sample, and more dramatically to 0.1 at 750 ◦C. Almost no Pc peak can be identified for the
samples grown at temperatures lower than 450 ◦C. As seen in the SEM images, the sample grown at
450 ◦C loses the separated nanospiral geometry owing to coalescence, which removes the conditions
for constructive Bragg reflection [17,18]. However, the spiral form is retained for the 750 ◦C sample
but its In-content, as determined by Vegard’s law, is found to be around 0.09. This is substantially less
than 0.17 ± 0.02 for samples grown at 650 ◦C or lower, owing to less efficient In incorporation during
high temperature growth [26–28]. Since lower In incorporation results in a less lateral compositional
gradient in the nanospirals, the birefringence contributed from the internal compositional gradient
becomes less effective on Pc [20–22]. This consequence of low Pc may indicate that the high |Pc|
obtained from the 650 ◦C sample is attributed to both external nanospiral geometry and internal
compositional gradient [20]. In addition, the wavelength λ for the |Pc| peak value versus growth
temperature is plotted in the inset of Figure 3. The variation of λ shows a trend of shifting towards
a shorter wavelength with increasing growth temperature, which can be attributed to a decreased
pitch of the nanospirals (due to reduced In incorporation), and is in agreement with the circular
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Bragg reflection condition λ = pn, where p is the pitch of nanospirals and n is the effective refractive
index [17,18].

Figure 3. Effect of InAlN nanospiral growth temperature on Pc with respect to wavelength. The inset
shows |Pc| and the corresponding peak wavelength versus growth temperature.

3.3. TiN Seed Layer

In this section, we studied the effect of the TiN seed layer thickness on |Pc| and the corresponding
peak wavelength. The thickness of the seed layer was varied from 16 to 120 nm, while the InAlN
nanospiral growth was kept constant using a growth temperature of 650 ◦C. As can be seen in
Figure 4, a large increase of |Pc| from 0.37 to 0.69 is obtained with increasing TiN thickness from 16 to
30 nm. A further increase of thickness to 120 nm gives slightly increased |Pc| to 0.75. Also, the peak
wavelength λ changes and shifts to longer wavelengths with increasing buffer thickness but remains
constant when the buffer is thicker than 60 nm. Since a high |Pc| results from a strong constructive
Bragg reflection, we can speculate that a thicker and thus more reflecting TiN buffer layer minimizes
the depolarization and incoherency occurring in a thinner and semi-transparent buffer layer. TiN is
reported to be almost opaque for thicknesses larger than 160 nm [29], but already at a thickness of
60 nm most of the light should be reflected from the TiN buffer layer. Together with the observation
that the peak wavelength shifts to higher values, we conclude that a larger pitch of well-defined InAlN
nanospirals is promoted by the thicker buffer layers.

 

Figure 4. Plot of |Pc| and corresponding peak wavelength as a function of titanium nitride (TiN)
buffer thickness.
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3.4. Total Thickness and Pitch of Nanospirals

This set of nanospirals was deposited on top of 60 nm-thick TiN buffer, with little difference
in Pc compared to the 120 nm-thick buffer. For the total thickness series, we conducted 1-, 2-, 4-, 6-
and 8-turn nanospiral growth experiments, with a designed pitch of 250 nm. All films were formed
using a growth temperature of 650 ◦C. We observed that both the diameter and total thickness of the
nanospirals increase with growth time, but the diameter change is less pronounced when the total
thickness is smaller than 1 μm, as can be seen in Figure 5a. From side-view SEM images (not shown
here), the surface of 6- and 8-turn nanospirals grew rougher and more uneven compared to 4-turn
nanospirals, and a branch-like structure was formed for 8-turn nanospirals. The spiral geometry
becomes rod-like with some branches owing to the formation of new nucleation sites on the surface.
Figure 5b reveals trends in |Pc| and λ as a function of total thickness. A dramatic increase of |Pc|
from 0 to 0.75 is obtained by adding more turns to the nanospirals, as expected since constructive
interference enhances with the number of periods in the structure. However, |Pc| can be reduced if
the periodic structure deteriorates, as suggested by the results obtained from 6- and 8-turn nanopirals.
In addition, λ seems to have a small red-shift trend towards longer wavelengths with growth time.
Detailed examination of the present nanospiral growth rate indicated an increase over time, with a
resulting increase of pitch. Since the sputtering power was fixed for all depositions, we observed
an increase of Al cathode voltage correlated with a decrease of current with time. A higher cathode
voltage may offer a higher sputtering yield, resulting in a higher growth rate [30].

(a)

(b)

Figure 5. (a) Trend of nanospiral diameter (D) and thickness (Tf) with growth time; (b) |Pc| and λ for
different total thicknesses.
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Hence, we further studied the effect of pitch on |Pc| and λ. A series of samples were grown at
650 ◦C with different pitches, while total thickness was kept constant at around 1 μm. As can be seen
in Figure 6a, λ shifts to longer wavelength with increasing pitch. The |Pc| values are lower for shorter
and longer pitch. For shorter pitch, λ is expected to fall into the UV region where the InAlN material
has a stronger absorption and thus reduces the reflected light. If the pitch is too long, the film contains
fewer periods, leading weaker constructive interference. The peak wavelength position is expected to
vary linearly with the pitch according to the Bragg condition. A plot of λ versus pitch analyzed from a
larger set of samples, regardless of variation in growth parameters, is shown in Figure 6b. The peak
wavelengths in the range of 350–470 nm have high consistency with their corresponding pitch size
ranges from 170–320 nm. This monotonic increase of wavelength with pitch is evidence that the circular
polarization is connected to the constructive Bragg reflection, as expected. Hence, precise control of
the pitch of the grown nanospirals is important for the design of chiral-optical response elements.

(a)

(b)

Figure 6. (a) The experimental results in Pc and λ for different pitch sizes while the total length was
kept constant at around 1 um; (b) A plot of the relationship between pitch and peak wavelength
summarized from all experiments.

4. Conclusions

This study reports on the analysis of the polarization behavior of light reflected from InAlN
nanospirals grown on c-plane Al2O3 substrates with a TiN buffer layer by reactive MSE with
various structural configurations. The degree of circular polarization of the reflected light and
the corresponding wavelength range were found to be highly dependent on the buffer thickness,
pitch, and morphology of nanospirals. The handedness of the reflected light was also demonstrated
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to follow the structural chirality. A TiN buffer layer thicker than 30 nm was needed for sufficient
reflection. In addition, a film-like structure formed at temperatures lower than 450 ◦C. When the growth
temperature was raised to 750 ◦C, less than 0.1 In-content incorporated into the InAlN nanospirals.
Both cases revealed very low |Pc| values. A pitch ranging from 200 to 300 nm gave promising |Pc|
higher than 0.5 in the UV to blue region. A transformation of unpolarized to circularly polarized light
followed from the circular Bragg condition. Control over the structural configuration and morphology
was also demonstrated to be a determinant for obtaining high |Pc| at a designed peak wavelength.
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Abstract: Transparent films of cellulose nanocrystals (CNC) are prepared by dip-coating on glass
substrates from aqueous suspensions of hydrolyzed filter paper. Dragging forces acting during films’
deposition promote a preferential alignment of the rod-shaped CNC. Films that are 2.8 and 6.0 μm
in thickness show retardance effects, as evidenced by placing them between a linearly polarized
light source and a linear polarizer sheet in the extinction configuration. Transmission Mueller matrix
spectroscopic ellipsometry measurements at normal incidence as a function of sample rotation were
used to characterize polarization properties. A differential decomposition of the Mueller matrix
reveals linear birefringence as the unique polarization parameter. These results show a promising
way for obtaining CNC birefringent films by a simple and controllable method.

Keywords: nanostructured films; birefringence; nanocrystalline cellulose; Mueller matrix

1. Introduction

Cellulose is the most abundant renewable biopolymer on earth. Its polymeric chain of
D-anhydroglucopyranose units, through a hierarchical arrangement, leads to a fibrous macroscopic
structure with a semicrystalline character [1]. The extraction of cellulose nanocrystals (CNC) from
cellulose fibrils through controlled, sulfuric acid-catalyzed degradation was reported more than half
a century ago [2]. Since then, the needle-shaped CNC and their functionalization capabilities have
found applications in diverse fields [3–5]. Besides removal of the amorphous regions, the sulfuric acid
hydrolysis of cellulose fibrils functionalizes the CNC surface, resulting in negatively charged sulphate
groups. The electrostatic interaction between charged CNC leads to stable aqueous suspensions.
Decades ago, it was discovered that above a critical concentration, the CNC self-assemble in a chiral
nematic liquid crystalline phase [6]. The slow drying of these aqueous suspensions produces films
with helicoidal ordering that reflect left-handed polarized light [7,8]. Circular dichroism and circular
birefringence are the characteristic polarization properties of chiral CNC films [8]. The spectral location
and strength of this so-called circular Bragg reflection depend on the value and distribution of the
helicoidal pitch, as well as on the birefringence of CNC.

The linear birefringence of cellulose-based fibers is known only at some wavelengths [9,10]. On the
other hand, the birefringence of cellulose derivatives in film form has been studied extensively [11].
In recent times, interest in investigating the birefringence of CNC has increased [12–20]. Particularly,
methods for the fabrication of birefringent CNC films have been focused on producing an effective
alignment of CNC along a preferential direction. Spin-coating [15] and shear-ordering [16–20] methods
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have been reported. The development of new methods to fabricate birefringent CNC films will
contribute to a better understanding of their fundamental properties and open new opportunities
for novel applications. Specifically, thinking in optical biomimetics, they could be used as retarders
sandwiched between chiral layers also made from cellulose nanocrystals. With an adequate thickness,
the retardation could be tuned to manipulate left- and right-handed circular polarization in a specific
spectral range.

In this work, we show that a simple and non-expensive dip-coating technique is suitable to prepare
transparent and birefringent CNC films from aqueous suspensions. For a complete characterization
of the polarization properties of the films, Mueller-matrix transmission spectroscopic ellipsometry
is used. A unique capability of this approach is that the depolarization introduced by the sample,
that is, how much the sample affects the degree of polarization of incident light, is also provided.
Furthermore, as CNC in aqueous suspension tend to self-assemble in a chiral nematic liquid crystal
phase, circular dichroism and circular birefringence could be expected. Therefore, a differential
(logarithmic) decomposition of the Mueller matrix data was performed to determine the basic
polarization properties of the dip-coated CNC films, including both linear and circular birefringence,
as well as dichroism.

2. Materials and Methods

Aqueous suspensions of CNC were obtained following procedures as reported in the literature,
but with slight variations [17,21,22]. Filter paper (Whatman 40) was grinded in a coffee mill by four
cycles, 35 s each. The milled paper was hydrolyzed at 60 ◦C for 50 min under vigorous stirring using
64 wt% sulfuric acid at a ratio of 8.75 mL per 1 g of filter paper. To stop the hydrolysis, the CNC
suspension was diluted with cold water (10 times the volume of the acid solution) and allowed
to settle for two weeks. The clear top layer was decanted, and the remaining cloudy layer was
subject to three cycles of centrifugation (9000 rpm for 10 min) and washing with water to remove
water-soluble cellulose materials. The thick white suspension was dialyzed against water for three
days. The initial concentration of the CNC suspension was 6.5 wt%, and it was diluted with water
to attain a concentration of 5.7 wt%, suitable for dip-coating. Ultrasonic dispersion was not applied.
Glass slides 25 × 75 mm (Corning 2947) washed with detergent were used as substrates. CNC films
were then produced by dip-coating at withdrawal speeds of 10 and 20 cm/min by using a home-made
apparatus. Subsequently, the samples were vertically placed and allowed to dry at room temperature
for about 3–4 h.

Transmission Mueller-matrix measurements were performed with a dual rotating compensator
ellipsometer (RC2, J. A. Woollam Co., Inc., Lincoln, NE, USA) at normal incidence in the wavelength
(λ) range 210–1690 nm. Data are here presented versus photon energy given by E = hc/λ, where h is
Planck’s constant and c the vacuum speed of light. A motorized sample rotator was used to measure
at rotation angles between 0◦ and 360◦ in steps of 5◦. Transmittance irradiance measurements at
normal incidence in the spectral range of 250–840 nm were performed with a FilmTek 3000 system
(SCI, Inc., Carlsbad, CA, USA). Atomic force microscopy (AFM) images in tapping mode were
acquired with an Innova system (Bruker, Madison, WI, USA). Complementary characterization
included X-ray diffraction data (Rigaku/Dmax2100, Austin, TX, USA), attenuated total reflection
(ATR) infrared spectroscopy measurements (Spectrum GX system/Perkin Elmer Inc., Waltham, MA,
USA), and cross-sectional scanning electron microscopy (SEM) (Phillips XL 30 system, North Billerica,
MA, USA). To avoid charging during acquisition of SEM images, a thin layer of gold was deposited on
the sample using Ar as carrier gas, 20 μA, 5 × 10−2 torr for 30 s (Denton Vacuum desk V, Moorestown,
NJ, USA).
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3. Results and Discussion

3.1. Formation of Nanostructured Films and Optical Performance

At the concentration of the CNC which was used (5.7 wt%), the coexistence of isotropic and
anisotropic phases in the suspension was expected, as reported for hydrolyzed filter paper at similar
conditions [21,22]. Therefore, we hypothesized that by using the dip-coating technique, the drag of
draining forces acting during the removal of the substrate could align the nanocrystals in the isotropic
phase and partially unwind the cholesteric order. As the substrate leaves the suspension, the draining
of water produces an increase of CNC concentration in the entrained suspension, which limits the
mobility of CNC. At the withdrawal speeds used, the coating process took about 15–30 s. During the
drying stage, the draining of remaining water in the films promoted further alignment of CNC for
about 30 min. The film then reached a gel-like state, where the CNC were frozen in a partial nematic
ordering. At this stage, the film loses water by evaporation for about 2–3 h. Notice the difference in
time scale between the dip-coating process and the evaporation-induced self-assembly of chiral films,
as the latter takes a few days.

Figure 1 shows AFM images of the surfaces of the dip-coated CNC films. A preferential alignment
of the CNC is observed, and thus, our hypothesis is confirmed. X-ray diffraction data (see Figure A1
in Appendix A) corroborated that the films retain the monoclinic crystalline structure of cellulose Iβ.
ATR infrared spectroscopy measurements (see Figure A2 in Appendix A) evidenced that the molecular
integrity of the cellulose was retained as well. The thicknesses determined from cross-sectional
SEM images (see Figure A3 in Appendix A) were 2.8 ± 0.1 and 6.0 ± 0.5 μm for 10 and 20 cm/min
withdrawal speeds, respectively.

 
(a) (b) 

Figure 1. Atomic force microscopy (AFM) images of dip-coated cellulose nanocrystal (CNC) films on
glass substrates produced at withdrawal speeds of (a) 10 and (b) 20 cm/min. The arrows illustrate the
preferential ordering of CNC.

The transmittance (T) spectra at normal incidence of unpolarized light from the cellulose side
of the dip-coated CNC films are shown in Figure 2. The spectra correspond to the average of three
measurements performed at different regions on the films. The standard deviation of the three
measurements were plotted as error bars. As can be seen, the films show good transparency with T
values above 80% in the visible spectral range. Interference oscillations are missing due to the low
optical contrast at the cellulose–glass interface because the refractive indices of cellulose ~1.54 [10] and
the glass substrate ~1.52 are similar. The decrease in T at wavelengths shorter than 350 nm is due to
absorption of the glass substrate.
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Figure 2. Average transmittance of unpolarized light of dip-coated CNC films on glass substrates at
withdrawal speeds of (a) 10 and (b) 20 cm/min. Error bars are the standard deviation of three spectra.

Qualitative and simple evidence of the birefringence of a sample is to place it between crossed
polarizers. This can be done by using a liquid crystal display (LCD) as a source of linearly polarized
light and a linear polarizer sheet. Figure 3 shows pictures of the assembly used. The plane of
polarization of light coming from the LCD screen was at about +45◦ from the horizontal direction,
and the polarizer sheet was set in the extinction configuration (see dark regions around the samples).
As can be seen, when the polarization plane of the light coming from the LCD is perpendicular to
the withdrawal direction (indicated with the arrows), the sample looks dark (sample orientation
−45◦). This means that the linear polarization is not affected by the sample, and the outcoming
light is cancelled out by the polarizer sheet. On the other hand, by rotating the samples to the
horizontal (H) and vertical (V) orientations, the image on the LCD screen can clearly be seen. In these
configurations, which are the so-called maximum transmittance, the polarization state of the linearly
polarized incident light is altered and, in general, exits the sample with elliptical polarization. Thus,
the in-plane anisotropy in the films is evident, and its origin resides in the preferential ordering of
CNC and in the intrinsic anisotropy of cellulose, as discussed in Section 3.4. Another salient feature is
the homogeneity over large areas of the samples. However, some inhomogeneities can be seen at the
edges of the substrates due to accumulated material by border effects. The draining also accumulates
material at the bottom part of the substrates.

 
(a) (b) 

Figure 3. Pictures of dip-coated CNC films on glass substrates at withdrawal speeds of (a) 10 and (b)
20 cm/min placed between an LCD monitor and a polarizer in the extinction configuration without a
sample. The arrows indicate the withdrawal direction. Sample orientation at +45◦ looks like −45◦.

3.2. Mueller Matrix Data Analysis

The 4 × 4 Mueller matrix (M) with elements mij (i, j = 1 . . . 4) provides a full description of the
polarizing and depolarizing properties of a sample [23]. It relates the Stokes vectors of the incident (Si)
and transmitted (St) light beams by:

St = MSi. (1)
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In Equation (1), the Stokes vectors of the incident and transmitted light beams
(assuming propagation along the z-axis) are expressed in terms of a set of six irradiances:

S =

⎡
⎢⎢⎢⎣

Ix + Iy

Ix − Iy

I+45◦ − I−45◦

IR − IL

⎤
⎥⎥⎥⎦, (2)

where Ix, Iy, I+45◦ , and I−45◦ correspond to linear polarization along the coordinate axes x and y, and at
+45◦ and at −45◦ from the x-axis, whereas IR and IL correspond to right- and left-handed circularly
polarized light, respectively. In this work we used Mueller matrices, which were normalized to total
transmittance for unpolarized light, i.e., the first element in the first row of M. Thus, we have m11 = 1,
and other elements have values in the range [−1,1]. For the measurements, the samples were placed
with the withdrawal direction nearly parallel to the y-axis.

Figure 4 shows polar contour maps of the normal-incidence Mueller matrix transmission data
of dip-coated CNC films. The radial and angular coordinates correspond to the photon energy
(in eV) and sample rotation angle (φ), respectively. Data above 3.75 eV (below λ = 330 nm) were
omitted because the glass substrate strongly absorbs the ultraviolet range (T lower than 50% in
Figure 2). First, we observed that the elements of the first row and first column were close to
zero, whereas the other elements show a richer structure. Second, we found that M was not block
diagonal, which it would be for an isotropic sample or for uniaxially samples with the optic axis
aligned with the z-direction. In Figure 4, the non-zero off-diagonal elements m42 and m24 thus
provide evidence of in-plane anisotropy. Other characteristics of M are related to the φ-dependence:
(i) m44 is invariant; (ii) m24, m42, m34, and m43 are periodic with period 180◦; (iii) a 90◦ periodicity is
observed in m22, m23, m32, and m33; (iv) rotational shift relationships noted are m22(φ) = m33(φ − ±45◦),
m34(φ)=m24(φ − 45◦), and m43(φ) = m42(φ + 45◦). Other symmetries are also observed: m23 ∼= m32,
m24 = −m42, and m34 = −m43. Furthermore, we noticed that increases in film thickness resulted in
larger variations of the mij values. As an example, the diagonal elements vary between 0 and 1 for
the 2.8 μm-thick film, whereas the variation is between −1 and 1 in the case of the 6 μm-thick film.
Indeed, the contour maps in Figure 4a look like a zoom of the central part of the corresponding ones in
Figure 4b.
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Figure 4. Polar contour maps of normal-incidence Mueller matrix transmission measurements for
dip-coated films produced at withdrawal speeds of (a) 10 cm/min and (b) 20 cm/min.
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All the observations listed in the previous paragraph on the structure of M in Figure 4 come from
the CNC films, because the Mueller matrix of the glass substrate measured at different rotation angles
corresponds to the 4 × 4 unity matrix (see Figure A4 in Appendix A). Furthermore, M in Figure 4
qualitatively agrees with the Mueller matrix MR of an ideal linear retarder plate in which the fast axis
is horizontal, and is given by [23]:

MR =

⎡
⎢⎢⎢⎣

1 0 0 0
0 cos2 2φ + cos δ sin2 2φ sin 2φ cos 2φ(1 − cos δ) − sin δ sin 2φ

0 sin 2φ cos 2φ(1 − cos δ) sin2 2φ + cos δ cos2 2φ sin δ cos 2φ

0 sin δ sin 2φ − sin δ cos 2φ cos δ

⎤
⎥⎥⎥⎦ , (3)

where δ = 2π
(
ny − nx

)
d/λ is the retardance, d the sample thickness, and nx and ny are the refractive

indices for polarization along the x- and y-axes, respectively. However, as the matrices in Figure 4 were
experimentally determined, it is necessary to investigate how much they deviate from those of ideal
polarizing systems. This can be done by determining the depolarizance (D) of the system, which is
given by [24]:

D = 1 −
[

1
3

(
tr
(
MTM

)
m2

11
− 1

)]1/2

, (4)

where tr and T stand for trace and transpose, respectively. It holds that D = 0 corresponds to the
Mueller matrix of an ideal non-depolarizing system, and D = 1 to an ideal depolarizer. In Figure 5, D is
shown for selected values of φ. As can be seen, the experimental Mueller matrices of the CNC films
correspond very closely to those of ideal systems. This means that for totally polarized incident light,
the transmitted beam emerges completely polarized.
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Figure 5. Depolarizance of normal-incidence Mueller matrices for dip-coated films produced at
withdrawal speeds of (a) 10 cm/min and (b) 20 cm/min at selected rotation angles.

3.3. Differential Decomposition of Mueller Matrices

To quantitatively determine the polarization properties of the dip-coated CNC films, we used
differential (logarithmic) decomposition of the measured Mueller matrices. This decomposition
establishes that M and its spatial variation along the direction of wave propagation z are related as
dM/dz = mM, where m is the differential matrix [25–28]. For homogeneous media, m is independent
of z and direct integration gives L = lnM, where L = md with d the sample thickness. The matrix L is
split into L = Lm + Lu, where Lm and Lu are G-antisymmetric and G-symmetric matrices, respectively,
given by Lm =

(
L − GLTG

)
/2 and Lu =

(
L + GLTG

)
/2, where G = diag[1,−1,−1,−1]. Since the

dip-coated CNC films are non-depolarizing, it holds Lu = 0. Lm contains the six elementary polarization
properties, which are given by [26]:
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Lm =

⎡
⎢⎢⎢⎣

0 LD LD′ CD
LD 0 CB −LB′

LD′ −CB 0 LB
CD LB′ −LB 0

⎤
⎥⎥⎥⎦ , (5)

where LB (LD) and LB′ (LD′) are the linear birefringence (dichroism) along the x-y and ±45◦ axes,
respectively, whereas CD is the circular dichroism and CB is the circular birefringence.

Figure 6 shows Lm corresponding to the experimental Mueller matrices in Figure 4. For the sake
of clarity, data are only shown for 0◦ ≤ φ ≤ 180◦ in steps of 10◦. For both samples, only LB and LB′

differ from zero, and both show a nearly linear dependence with photon energy. The small deviation
from linearity implies a small dispersion in birefringence, as will be discussed later. Furthermore,
LB increases with withdrawal speed (i.e., film thickness). The variation with rotation angle is illustrated
in LB and LB′ panels in Figure 6b, and is analyzed in more detail in Section 3.4. The fact that CD and
CB are zero indicates the absence of the chiral phase in the films.
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Figure 6. Differential decomposition of the Mueller matrices in Figure 4 for dip-coated films produced
at withdrawal speeds of (a) 10 cm/min and (b) 20 cm/min. For clarity, data are presented only in the
0◦ ≤ φ ≤ 180◦ range in steps of 10◦. The φ-variation is indicated with the dashed arrows in panels LB
and LB′ of (b).
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3.4. Birefringence of Dip-Coated CNC Films

An insightful view of LB(φ) and LB′(φ) determined from the differential decomposition is provided
when they are plotted in polar contour maps, as shown in Figure 7a where the radial coordinate
corresponds to photon energy and the polar angle to sample azimuth φ. From Figure 7a, the obvious
relationship LB′(φ) = LB(φ − 45◦) is clear. Therefore, among the six basic polarization properties in
Equation (5), only linear birefringence characterizes the dip-coated CNC films. The φ-dependence
of LB (and LB′) can be expressed as [29], LB(φ) = |LB| cos 2(φ − φ0) and LB′(φ) = |LB| sin 2(φ − φ0),
respectively, where φ0 is the azimuth offset between the y-axis and the optical axis of the sample.
Values of φ0 = −2.2 and −1.9◦ were determined from the measurements at φ = 0◦ of the laboratory
frame, as tan 2φ0 = −LB′(0)/LB(0). Since the sample birefringence |LB| = 2π

∣∣ny − nx
∣∣d/λ, due to

the preferential ordering of CNC the effective birefringence 〈Δn〉 = 〈
ny − nx

〉
can be easily obtained

and is shown in Figure 7b. The values determined for 〈Δn〉 are about half of those reported for cotton
fibers [9,10].
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Figure 7. (a) Polar contour maps of linear birefringence of dip-coated CNC films at withdrawal speeds
of 10 cm/min and 20 cm/min. The radial scale (photon energy) is the same as in Figure 4. (b) Effective
birefringence <Δn> = <ne − no> of the dip-coated CNC films.

According to the monoclinic crystalline structure of cellulose Iβ, its dielectric tensor corresponds
to a biaxial crystal given as diag[ε1, ε2, ε3] in the principal axes frame. Considering that the
crystallographic c-axis corresponding to the polymer chain direction (crystallite length) is orthogonal
to a and b axes, we have ε3 = εc but ε1 and ε2 are not necessarily oriented along the a and b axes; besides,
their orientation might be wavelength-dependent. Therefore, ny = ne would be mainly related to εc

and nx = no to both ε1 and ε2, where ne and no are the extraordinary and ordinary refractive indices,
respectively. In the ideal case of perfect alignment and full packing, it is expected that ne

2 = εc and
no

2 = (ε1 + ε2)/2, and we obtain the effective birefringence Δn = ny − nx = ne − no. In the present
case where the CNC comprising the films are not completely aligned, the structural birefringence
will also come into play. In this case, the films could be envisaged as a two-component composite of
aligned (anisotropic) and non-aligned (isotropic) phases. Thus, the effective birefringence would be a
function of the volume fraction of the anisotropic phase. For the films studied in this work, 0.4–0.5
is a rough estimate of the anisotropic phase volume fraction, assuming a linear variation. Of course,
the ordering of CNC crystals in the films depends on the various parameters intervening for their
fabrication. In this regard, two main stages are identified: Preparation of the CNC aqueous suspension
and films deposition. The physicochemical properties of the CNC suspension largely depend on
parameters like hydrolysis temperature, hydrolysis time, acid ionic strength, among others. On the
other hand, for films deposition, the withdrawal speed, CNC concentration, and drying conditions are
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of main importance. The large number of parameters open possibilities to fabricating CNC films with
tailored birefringence, and is subject to ongoing investigation which will be reported elsewhere.

4. Conclusions

Birefringent cellulose nanocrystal films were obtained from aqueous suspensions of hydrolyzed
filter paper at 60 ◦C for 50 min. The films prepared were transparent and non-depolarizing. The linear
birefringence (LB) of the films was determined by a differential decomposition of Mueller matrices,
and showed a nearly linear dependence with photon energy. The effective birefringence <Δn> was
due to the preferential ordering of CNC, and had average values in the visible range of 0.021 and 0.026
for two different film thicknesses. The absence of the chiral phase in the films was ascribed to the short
drying time. The dip-coating method is thus shown to be a suitable, non-expensive, and promising
way to fabricate birefringent films of cellulose nanocrystals.
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Appendix A

This Appendix contains additional figures supporting the results presented in the main text.
Figure A1 shows X-ray diffraction data of the filter paper used as the source of cellulose and the
dip-coated CNC films at withdrawal speeds of 10 and 20 cm/min. The Miller indices are those
corresponding to the monoclinic structure of cellulose Iβ, with lattice parameters a = 7.8 Å, b = 7.9 Å,
c = 10.1 Å, β = 95.15◦ and space group P21 [30–32]. The differences in peaks intensities of the data
in Figure A1a are due to film thickness as can be seen in Figure A1b when the data are normalized
with respect to the most intense (200) peak. It can be noticed that the processing does not affected the
crystalline quality of cellulose. The crystallite width evaluated with the Scherrer formula was 6 nm
which is typical of cotton cellulose [32].
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Figure A1. X-ray diffraction patterns of filter paper (FPW) and dip-coated CNC films at withdrawal
speeds of 10 and 20 cm/min: (a) raw data (b) normalized to the (200) peak.
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Figure A2 shows FTIR spectra of the filter paper used as the source of cellulose and dip-coated
CNC films at withdrawal speeds of 10 and 20 cm/min. The spectra were normalized respect to the
band at 1030 cm−1. As can be seen, the spectra of dip-coated CNC films and filter paper are similar
indicating that processing does not affect the molecular integrity. The bands of functional groups in
cellulose molecule are labeled as well as the characteristic bands identifying cellulose Iβ [32,33].
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Figure A2. ATR infrared absorption spectra of filter paper (FPW) and dip-coated CNC films at
withdrawal speeds of 10 and 20 cm/min

SEM images used to determine the film thicknesses of the dip-coated CNC films at withdrawal
speeds of 10 and 20 cm/min are shown in Figure A3.
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Figure A3. Cross-section SEM images of dip-coated CNC films at (a) 10 and (b) 20 cm/min.

The normal incidence transmission Mueller matrices of a bare glass substrate measured at different
rotation angles are shown in Figure A4. It can be noticed that they correspond to the 4 × 4 unity matrix.
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Abstract: The interfacial structure of ReB2/TaN multilayers at varied modulation periods (Λ) and
modulation ratios (tReB2:tTaN) was investigated using key experiments combined with first-principles
calculations. A maximum hardness of 38.7 GPa occurred at Λ = 10 nm and tReB2:tTaN = 1:1. The fine
nanocrystalline structure with small grain sizes remained stable for individual layers at Λ= 10 nm
and tReB2:tTaN = 1:1. The calculation of the interfacial structure model and interfacial energy was
performed using the first principles to advance the in-depth understanding of the relationship
between the mechanical properties, residual stresses, and the interfacial structure. The B-Ta interfacial
configuration was calculated to have the highest adsorption energy and the lowest interfacial energy.
The interfacial energy and adsorption energy at different tReB2:tTaN followed the same trend as that
of the residual stress. The 9ReB2/21TaN interfacial structure in the B-Ta interfacial configuration
was found to be the most stable interface in which the highest adsorption energy and the lowest
interfacial energy were obtained. The chemical bonding between the neighboring B atom and
the Ta atom in the interfaces showed both covalency and iconicity, which provided a theoretical
interpretation of the relationship between the residual stress and the stable interfacial structure of the
ReB2/TaN multilayer.

Keywords: ReB2/TaN multilayers; modulation structure; first-principles calculation; interfacial
model; adsorption energy; interfacial energy

1. Introduction

Hard and wear-resistant coatings are increasingly used to reduce the material losses or to increase
the lifetime of tools and machine parts. Thin-film structures consisting of alternating nanoscale
multilayers have been attractive subjects in the area of protective coatings due to their extraordinary
properties, such as their enormous hardness, which cannot be obtained in uniform bulk materials
or in monolithic coatings of the constituent materials. These multilayers are usually produced with
physical vapor deposition (PVD), e.g., reactive magnetron sputtering [1]. Recently, the superhardness
of rhenium diboride (ReB2) has been discovered to possess a maximum hardness of 55.5 GPa [2].
Researchers developed this superhard material through the optimization of two parameters: the high
valence electron density (Re has the second highest valence electron density of all the transition metals)
and the bond covalency (B, C, and N form the strongest covalent bonds). The obtained ReB2 films were
found to be superhard, as the intrinsic film hardness value (52 GPa) was close to that of bulk ReB2 [3].
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Transition-metal diborides, such as TiB2, have also been studied extensively due to their high hardness
and thermochemical stability [4,5]. In this paper, ReB2 is introduced as a multilayer system and is
combined with tantalum nitride (TaN) to synthetize ReB2/TaN multilayers. We choose the TaN layer
as a component of the multilayers because TaN and Ta have been extensively used in coating systems
due to their good diffusion barrier properties and their relatively stable structure [6–12]. In addition,
TaN is effective in forming nano-crystalline characteristics in multilayers [13–16]. In our previous
work, we performed a preliminary study of a ReB2/TaN multilayer coating. It was found that the
modulation period can control the mechanical properties of the ReB2/TaN multilayers and induce
the highest hardness of 28 GPa and modulus of 345.9 GPa with a lower residual stress [17]. However,
no simulation and calculation results of the interfacial model and hard mechanism were studied in
order to advance the in-depth understanding of the relationship between the mechanical properties
and the multilayered structure.

In most multilayers, for example, TiN/VN and Cu/Ni [18,19], the individual layers have the
same crystal structure. In this work, therefore, TaN is chosen to achieve an isostructure with ReB2.
Theoretical works suggest that three kinds of models have been used for the strengthening mechanism
in multilayers. The first is the analytical model that is based on the Hall–Petch powder law σ~Λ1/2,
where Λ is the modulated period thickness [19–23]. The strength/hardness versus the period fits
to this law at nanometer length scales, since the dislocation pileups can be treated as a continuum.
At the sub-micrometer length scale, too few dislocations reside in the pile-ups to be treated as a
continuum, and the Hall–Petch relation must be modified. However, the dislocation pile-up-based
models are incapable of describing the strength behavior at decreasing layer thicknesses at a few of tens
of nanometers. The second type of model is based on the confined layer slip mechanism that involves
the glide of the single Orowan-type loops that are bounded by two interfaces [24–26]. This builds on
earlier works of a similar confined layer slip mechanism in plastic yielding thin films on substrates.
The third kind of model involves atomistic simulations of dislocation transmission across interfaces
that provide an upper bound estimation of the interface barrier strength. In our previous work, we also
conducted a preliminary theoretical study of ReB2/TaN multilayers, in which only the interface of
the TaN(100)/ReB2(001) was chosen to calculate the interfacial structure, which showed that the B-N
interface had a stronger covalent bonding [27].

The aforementioned investigations focus exclusively on the dislocation generation and motion
mechanisms. However, an additional complication for isostructural materials, which is also typically
miscible, is that the interface broadening during deposition can decrease the hardness, making the
interpretation of the hardness data more difficult [28]. The miscible, isostructural nanolayers that are
discussed above are known to interdiffuse, and thereby to lose their enhanced hardness. Along with
atomistic simulations of the interface, this paper presents new data and more in-depth interpretation
on the hardness enhancement of ReB2/TaN multilayers.

In this work, in addition to studying the experimental changes in the mechanical properties,
modulation period, and modulation ratio, we particularly focused on the hardness mechanism and
the relationship between the mechanical properties, residual stress, and interfacial structure using
first-principles calculations that are based on density functional theory (DFT). For the first time (to the
authors knowledge), we calculated and found the contribution of the interfacial energy, adsorption
energy, and the interfacial stability to the residual stress release by controlling the appropriate
interfacial structure.

2. Materials and Methods

2.1. Experimental Methods

To evaluate the influence of the layer thickness on the results, two series of ReB2/TaN multilayers
at different bilayers (modulation period, Λ and modulation ratio, tReB2:tTaN) as well as monolithic
coatings were synthesized using an Radio frequency (RF) magnetron sputtering system, which has
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been described previously in detail [29]. RF magnetron sputtering is a process that RF power is applied
to magnetron sputter source to control sputter rate of the target. The biggest advantage of RF power
supply is sputtering insulator targets, such as ReB2 and TaN. The substrates were deposited 7 cm
away from two water-cooled magnetron sputter sources with 99.95% stoichiometric ReB2 and TaN
targets in Ar (99.99%) at a total pressure of 0.5 Pa. Silicon (100) wafers were used as the substrate
materials, which were chemically cleaned in an ultrasonic agitator in acetone and absolute alcohol,
before being mounted in the vacuum chamber. Prior to deposition, the substrates were sputter cleaned
for 10 min in pure argon plasma at −500 V. Different Λ and tReB2:tTaN were achieved by controlling
a computer-driven shutter. To enhance the adhesion between the multilayers and the substrate,
an approximately 30 nm-thick Ta buffer layer was deposited on the Si substrates, after which the TaN
and ReB2 layers were deposited alternately. In the process of deposition, the sputtering power was
50 W for ReB2 and 110 W for TaN, and a negative bias of 80 V was applied to the substrate.

The cross-section of the sample was examined with a field-emission scanning electron microscopy
(SEM, SU8010, Hitachi, Japan). X-ray diffraction (XRD) and X-ray reflection (XRR) scans were
performed with Cu Kα (40 kV, 20 mA, λ = 1.54056 Å) radiation in a D8A diffractometer (Bruker,
Karlsruhe, Germany). The scans were performed while keeping X and ψ fixed and varying θ at intervals
of 0.02◦ (the symbols have their usual meanings [30]). The modulation period Λ was determined by
matching the XRR peak positions. The layer thickness ratio was then adjusted so that the relative
peak intensities matched. Nanoindentation and nanoscratch measurements on the as-deposited
multilayers were performed at room temperature using a Nano indenter system (XP, Agilent, CA,
USA). The hardness and elastic modulus of the multilayers as a continuous function of depth from
a single indentation were obtained using the continuous stiffness measurement (CSM) technique in
the nanoindentation test. The triangular Berkovich diamond indenter tip was calibrated using fused
silica [24,31]. Each sample was indented ten times, at a maximum load of 40 mN, which yielded typical
maximum depths of 400 nm. The maximum load in the scratch test was up to 100 mN in order to
measure the fracture resistance. Then, a post-scan was performed to measure the profile of the scratch
surface. The variation in the chemical composition and the element chemical bonding states of the
multilayers were analyzed using X-ray photoelectron spectrometer (XPS, PHI 5300, Kanagawa, Japan).

2.2. Theoretical

To reveal the layer’s impact and hard mechanism in the multilayers, first-principles that was
based on density functional theory (DFT) [32,33] was used to calculate the optimal electronic structure,
according to the measured structure. The exchange correlation functional was treated using the
generalized gradient approximation (GGA) with the Perdew–Burke–Ernzerhof (PBE) [34]. The
interactions between ionic and valance electrons were described with the ultrasoft pseudopotential [35].
The k-point sampling and kinetic energy cutoff convergence have been tested for all calculated surfaces
and interfaces. The theoretical calculation of all the surface and interfaces is done after the convergence
test. The detailed theoretical calculation results of all the surface and interfaces will be given in the
results and discussion section.

3. Results and Discussion

3.1. Microstructure Characterizations

The X-ray reflection (XRR) pattern that is shown in Figure 1a,b give the modulation information of
the ReB2/TaN multilayers at two different modulation period (Λ), and it is used to accurately calculate
Λ value. The reflection peaks of different orders n in the XRR spectra occur at 2θ positions given by
the modified Bragg’s law [29]:

Sin2θ =
(

nλ/2Λ
)2

+ 2δ (1)
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where λ is the X-ray wavelength (1.5 Å), δ is related to the average reflective index, and Λ is the
modulation period of a multilayer (bilayer period). A straight line is fitted according to spots of sin2θ

vs. n2 to determine δ and Λ, while the error of each spot was determined using the internal θ. Using
Formula (1), 9.2 and 21 nm-Λ are obtained from the linear regressions of the sin2θ versus n2 plots
shown in Figure 1a and 1b, which are consistent with our design before the experiment. The strong
multiple superlattice reflections that are resulting from the large difference in the X-ray scattering
factors of the periodic layers indicate the existence of well-defined layered structures between two
individual layers in the multilayer system, which are a beneficial characteristic for the hardness
enhancement [24,29,31,36].

Figure 1. X-ray reflection (XRR) patterns of rhenium diboride (ReB2)/tantalum nitride (TaN)
multilayers at (a) Λ~8 nm, tReB2:tTaN = 1:2; and (b) Λ~21 nm, tReB2:tTaN = 1:1. The insets are the
linear least squares fit of sin2θ vs. n2.

Figure 2a,b show the high-resolution cross-sectional scanning electron microscopy (SEM) images
at low and high magnifications from identical ReB2/TaN samples. ReB2/TaN samples, as measured
by the X-ray reflection (XRR), are 418 nm thickness. An approximately 31-nm-thick Ta buffer layer
is observed. The coating replays the multilayered nanostructure at Λ~10 nm and clearly indicates
planar interfaces along the growth direction. The observed 10-nm-thick Λ is near the calculated 9.2
nm, as shown in Figure 1.

The XPS depth profiles of this multilayer are shown in Figure 2c. The periodic variation of the
concentrations of Re and Ta as the main elements throughout the thickness gives direct evidence of
the multilayered modulation structure in our design. The formation of alternating ReB2 and TaN
at the nanoscale is also confirmed. The elemental composition of Re:Ta = 1:2 within the bilayer
thickness is nearly equal to the modulation ratio of tReB2:tTaN = 3.4:6.6, as observed in Figure 2b.
Figure 2c is artificially corresponded with Figure 2b to suggest that Re shows a darker contrast.
The typical cross-sectional SEM images of Figure 2b Λ~10 nm and Figure 2d Λ~20 nm are taken from
identical ReB2/TaN samples that were used in the XRR measurements of Figure 1 and directly show a
well-defined composition modulation and multilayered structure, which is in agreement with the XRR
results above. The SEM results prove that the layered structures are defined well in broad nanolayers.
The intermixing crossing interfaces can be observed in Figure 2a,b, due to the lack of sharp interfaces.
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Figure 2. Cross-sectional scanning electron microscopy (SEM) images of ReB2/TaN multilayer at
(a) Λ~7 nm at low magnification; (b) 7 nm, tReB2:tTaN = 1:2 at high magnification; (c) X-ray photoelectron
spectrometer (XPS) depth profile of ReB2/TaN multilayer at Λ~7 nm, tReB2:tTaN = 1:2; (d) 20 nm,
tReB2:tTaN = 1:1 at high magnification.

3.2. Mechanical Properties

Figure 3 indicates the regularity of hardness and elastic modulus fluctuation versus Λ and
tReB2:tTaN for the ReB2/TaN multilayers. To compare the multilayers, this figure also shows the
hardness and elastic modulus values of monolithic ReB2 and TaN coatings synthesized under identical
deposition conditions. The error bars are drawn using the standard deviation that was calculated from
the 10 indents. As we can see, the results agree well with the change regulations of other types of
the multilayers [6,13–19,23,31,36]. For the ReB2/TaN multilayers, the hardness reaches a maximum
value of 38.7 GPa at Λ = 10 nm and tReB2:tTaN = 1:1, and then decreases as Λ increases or tReB2:tTaN

decreases further.
The rule-of-mixtures hardness of the ReB2/TaN multilayers can be calculated using [18]:

HReB2/TaN = HReB2 tReB2/Λ + HTaNtTaN/Λ (2)

The calculated rule-of-mixtures hardness of the ReB2/TaN multilayers at Λ = 10 nm and tReB2:tTaN

= 1:1 is 17.6 GPa. Whereas, the measured hardness for this multilayer is up to 38.7 GPa, which is 120%
higher than the rule-of-mixtures value. Detailed analyses of the deformation mechanisms and the
interfacial model will be presented in Section 3.3.

Despite the high hardness, the performance of the multilayers depends on many other factors,
including the residual stress, friction, fracture toughness, adhesive ability, etc. The reduction of residual
stress in the multilayers is a key factor affecting their industrial applications. The residual stress σ is
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calculated applying the Stoney formula [37] and using the substrate curvature that is determined from
a surface profiler:

σ = − Est2
s

6tc(1 − vs)R
(3)

where Es (131 GPa), ts (0.0005 cm) and vs (0.28) are, respectively, the elastic modulus, thickness, and
Poisson’s ratio of the substrate; tc is the coating thickness; and, R is the radius of curvature of the
multilayer coated substrate. In this test, we choose a scan length of 2 cm for the R measurement.
Although, in our study, a precise residual stress is difficult to determine using the available
instruments, and this result reflects the reducing trend of the residual stress when compared with the
monolithic layer.

 

Figure 3. Hardness and Elastic modulus of ReB2/TaN multilayers vs. (a) Λ; (b) tReB2:tTaN.

Figure 4 indicates the residual stress, i.e., compressive stress, at different Λ and tReB2:tTaN for the
ReB2/TaN multilayers. To compare monolithic coatings with the multilayers, the residual stresses of
individual ReB2 and TaN coatings that are synthesized under identical deposition conditions are also
shown in this figure. The error bars are drawn using the standard deviation, as calculated from the
10 indents. Nearly all of the multilayers exhibit lower residual stress than the average value of the
monolithic ReB2 and TaN coatings. The residual stress of the multilayers reaches the lowest value at
Λ~10 nm and tReB2:tTaN = 1:3. We believe that periodic insertion of TaN into ReB2 layers suppresses
the grain growth, which releases stress that is built up in the ReB2 layers.

The elastic modulus of the coatings is another important factor to obtain good wear resistance.
The H3/E2 ratio is a strong indicator of the coating’s resistance to plastic deformation [38,39]. Table 1
listed these values of the multilayers with different parameters. The resistance plastic deformation of
our hardest ReB2/TaN multilayer is obviously improved (H3/E2 = 25.8%) due to high hardness and a
relatively low elastic modulus when compared with that of the other multilayers and monolithic ReB2

and TaN coatings. Note that another important advantage of the multilayer nanostructured coatings
is that one can fabricate superhard materials with identical hardnesses but different values of the
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plastic deformation (H3/E2). This means that superhard multilayers can be produced with different
combinations of elastic and plastic properties, which provides a wide choice of multilayers for various
specific tasks. Thus, the service life of multilayers can be enhanced while using multilayers that better
fit the application substrates, such as steel, in terms of minimizing the internal stresses that occur at
the coating/substrate interface.
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Figure 4. Residual stresses of ReB2/TaN multilayers vs. Λ, tReB2:tTaN.

Table 1. The values of H3/E2 for the multilayers (H3/E2 of monolithic ReB2 and TaN coatings is 11.9%
and 4.5%).

Λ (nm) tReB2:tTaN H3/E2 (%)

4 1:1 4.35
10 1:1 25.8
30 1:1 4.09
10 5:1 4.89
10 1:2 11.5

Figure 5a-d show the results of the scratch test at different tZrB2:tAlN and Λ, reflecting the fracture
resistance of the ReB2/TaN multilayers. The post-scan curves are always above the scratch scan curves
in test due to the plastic recovery after scratching. The normal load corresponding to the point in which
the scratch scan profile shows an abrupt change is the critical fracture load Lc that can characterize the
adhesion strength of the multilayers. The scratch scan profiles of all the multilayers indicate an abrupt
increase point in the scratch depth, except the tReB2:tTaN = 1:1 and Λ = 10 nm sample. This means
that the hardest multilayer at tReB2:tTaN = 1:1 and Λ = 10 nm has the highest fracture resistance and
adhesion strength between the multilayer and the substrate, which fits the plastic deformation (H3/E2)
results in Table 1 well. We believe that the improved fracture resistance appears to be directly related
to a lower compressive stress, higher hardness, and strong plastic recovery of the coating with a
multilayered structure.
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Figure 5. Surface profiles of the scratch scan, post scan, and scratch tracks on ReB2/TaN multilayers at
different tZrB2:tAlN and Λ, (a) 1:1, 10 nm; (b) 1:4, 10 nm; (c) 2:1, 10 nm; and (d) 1:1, 28 nm.

3.3. Hard Mechanism

For the nano-indentations, the hardness is normally defined as the ratio of the maximum applied
load divided by the corresponding projected contact area, i.e., H = Pmax

AC
, where H, Pmax, and AC are

the hardness, the maximum applied load, and the projected contact area at the maximum applied
load, respectively. However, in this case, several additional observations concerning the behavior of
the supperlattice materials can be seen from the load versus displacement curves. This is done by
examining different combinations of the curves of the two epitaxially grown ReB2/TaN multilayers
and their monolithic components.

A comparison of the load versus displacement curves for ReB2, TaN, and their multilayer at
shallow indentation depths and the resulting integral curves are shown in Figure 6a,b, respectively.
When the same displacement is pressed into the surface, the multilayer requires a larger load than
two monolithic coatings, indicating that the multilayer is harder than both of the monolithic coatings.
Figure 6c shows the typical loading-unloading sequences for the multilayers. The highest hardness
occurs at Λ~10 nm and tReB2:tTaN = 1:1, which agrees with the measured results that are mentioned
above in Figure 3. The comparison in Figure 6b also indicates that ReB2 and TaN initially follow the
same loading pattern as the multilayer, but start to deviate from it at approximately 5 nm. Since the
coherent interface repeat periods for multilayers (Λ/2~5 nm) appear at 5 nm first, this phenomenon
provides direct evidence that the behavior of the interface as a barrier to dislocation motion begins to
affect the deformation of multilayer, leading to an increase in the hardness.
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Figure 6. (a) Comparison of load vs displacement data of ReB2/TaN multilayer (Λ~10 nm) with
monolithic ReB2 and TaN coatings; (b) Comparison of load vs. displacement data for ReB2/TaN
multilayer (Λ~10 nm) with monolithic ReB2 and TaN coatings at shallow indentation depths; and,
(c) Comparison of load vs. displacement data of ReB2/TaN multilayers at different tReB2:tTaN and Λ.

3.4. Theoretical Model, Calculation, and Discussion

To further explain the hardness mechanism and the relationship between the mechanical
properties and the multilayered structure, we use first-principles that are based on density functional
theory (DFT) to simulate the interfacial structure for which we must choose the appropriate interfacial
configuration models to calculate and compare the interfacial energy, adsorption energy, charge density,
and density of states (DOS).

To avoid the interactions between repeated slabs, a uniform vacuum width of 15 Å is employed
while performing the calculations for all of the surfaces. The slabs are fully relaxed until the system
energy is minimized. As a result, a plane wave cutoff energy of 280 eV and 300 eV is employed for
the ReB2(001) and TaN(111) surfaces, which assures a total-energy convergence of 10−5 eV/atom.
The Brillouin zone sampling is set with 6×6×1 and 5×5×1 Monkhorst-Pace k-point meshes for the
ReB2(001) and TaN(111) surfaces, respectively. For the interfaces, the cutoff energy of the plane wave
is chosen as 330 eV. Integrations in the Brillouin zone are performed while using the special k-points
that are generated with 5×5×1 mesh grids.

In the initial calculation, we first have to choose some possible interfacial models to calculate
some of the preliminary results. We obtain the surface of TaN(111) through the cutting of the TaN
bulk (space group P-6M2) and the surface of ReB2 (001) through cutting the ReB2 bulk (space group
P63/MMc). For the ReB2/TaN multilayers, six possible interfaces, including B-N, BB-N, Re-N, B-Ta,
BB-Ta, and Re-Ta exist in the connection. The supercell, including 129 atoms of the BB-Ta interface
and crystal structures of TaN and ReB2, can be seen in Figure 7(a). There are some different symmetry
sites in each type of interface connection in Figure 7(a1-a4). We use both the N- and Ta-terminated
sites of the TaN to simulate the ReB2(001)/TaN(111) interface and to choose three high-symmetry sites
on which the interface atoms could bond. Using the B-N interface as an example, the B atoms could
occupy the site on top of N atoms, which is called the B-N-Top configuration (Figure 7(b1)), or on the
bridge site between two N atoms, which is called the B-N-bridge configuration (Figure 7(b2)). When
there is a Ta atom in the second layer directly below the B atoms, we call it the hcp-hollow site, denoted
as the B-N-hcp configuration (Figure 7(b3)). Eighteen different interface configurations of ReB2/TaN
are chosen in the initial calculation. To simulate the interfaces of the multilayers, TaN and ReB2 slabs
of thirteen layers are cut through using the CASTEP software. Each unit cell structure comprised of
thirteen layers of TaN and thirteen layers of ReB2 is separated with a 15-Å-thick vacuum layer.
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Figure 7. Supercell of BB-Ta interface (a1), crystal structures of TaN (a2) and ReB2 (a4) and the interface
bands (a3); Structures of BB-Ta-top configuration (b1), BB-Ta-bridge configuration (b2) and BB-Ta-hcp
configuration (b3), respectively; Unit cell structures of 15ReB2/15TaN interface (c1), and 9ReB2/21TaN
interface.(c2).

The adsorption energies (Ead) corresponding to eighteen interfacial models with different
interfacial atoms are calculated from the energy difference per unit area corresponding to the
introduction of the interface in comparison to the two separate slabs [40,41]:

Ead =
EReB2(001) + ETaN(111) − EReB2(001)/TaN(111)

A
(4)

where EReB2(001)/TaN(111) is the total energy of the ReB2/TaN, EReB2(001) and ETaN(111) are the total
energies of the pure ReB2 and TaN interlayers with the TaN and ReB2 interlayers that are replaced by
vacuum, respectively, in the same slab structure, and A is the area of the interface.

Table 2 lists the calculated Ead of the ReB2/TaN interface corresponding to eighteen different
interfacial models. The general trend is that, the higher the adsorption energy, the stronger the chemical
bonding at the interfaces. From Table 2, the obtained adsorption energy of the B-Ta interfaces is larger
than that of other models, indicating that strength of this interfacial bonding is stronger than the others.

Table 2. The adsorption energy (Ead) corresponding to eighteen interfacial models.

Stacking Ead (J/m2) Stacking Ead (J/m2) Stacking Ead (J/m2)

B1-N hcp −2.668 B1-N top −3.244 B1-N bridge −3.301
B2-N hcp −2.668 B2-N top −2.653 B2-N bridge −2.665
Re-N hcp 0.145 Re-N top 0.063 Re-N bridge 1.110
B1-Ta hcp 6.341 B1-Ta top 6.028 B1-Ta bridge 7.046
B2-Ta hcp 6.316 B2-Ta top 6.296 B2-Ta bridge 7.213
Re-Ta hcp 4.814 Re-Ta top 4.090 Re-Ta bridge 5.142

To provide a detailed explanation of the relationship between the residual stress and interfacial
energy, adsorption energy, and interfacial structure, the ReB2(001)/TaN(111) interfacial configurations
at five different thickness ratios. i.e., theoretical tReB2:tTaN, are all built as B-Ta interfaces. When
considering the ideal growth of the ReB2 and TaN layers, B-terminated surfaces of ReB2(001) and
Ta-terminated surfaces of TaN(111) are built in the ReB2(001)/TaN(111) configuration for the B-Ta
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interfaces because they exhibit higher adsorption energies than the others. To avoid the influence
of the layer number on the total energy, each supercell contains thirty layers of ReB2(001) or
TaN(111). ReB2(001)/TaN(111) configurations at five different thickness ratios, namely, 3ReB2/27TaN,
9ReB2/21TaN, 15ReB2/15TaN, 21ReB2/3TaN, and 27ReB2/3TaN, are considered in the calculations.
All the ReB2(001)/TaN(111) configurations at five different thickness ratios are B-Ta interfaces, each of
which consists of a B-terminated ReB2(001) surface and a Ta-terminated TaN(111) surface. Figure 7(c1)
and (c2) display the supercells of the 15ReB2/15TaN and 9ReB2/21TaN configurations.

The interfacial energy (Einter) shows how much weaker the interfacial bonding is, which is
compared with the interlayer bonding in the bulk materials. The Einter is calculated while using the
following equation:

Einter =
EReB2(001)/TaN(111)− NRe

nRe
Ebulk

Re − NB
nB

(Ebulk
ReB2

−Ebulk
Re )−NTaEbulk

Ta −NN(Ebulk
TaN−Ebulk

Ta )

A − EReB2(001)
sur − ETaN(111)

sur (5)

where Ebulk
ReB2

, Ebulk
Re , Ebulk

TaN, Ebulk
Ta , EReB2(001)/TaN(111), EReB2(001)

sur , and ETaN(111)
sur are the total energy of the

relaxed ReB2 bulk material, Re bulk material, TaN bulk material, Ta bulk material, ReB2/TaN interface,
the energy of ReB2(001) surface, and the TaN(111) surface, respectively; NRe, NB, NTa, and NN denote
the number of Re, B, Ta, and N atoms in the ReB2/TaN interface, respectively; nRe and nB represent the
number of Re atoms in the Re bulk material and that of B atoms in ReB2 bulk material, respectively; and,
A is the interfacial area. Formula (5) is attributed to the nonstoichiometric nature in the calculations to
eliminate the effect of spurious dipole interactions that might bias the results. The Esur that appears in
Formula (5) is obtained from Formula (6),

EXY
sur =

Etotal
slab − NX

nX
Ebulk

X − NY
nY

(Ebulk
XY − Ebulk

X )

2A
(6)

where Etotal
slab , Ebulk

XY , and Ebulk
X represent the total energies of a surface slab (ReB2 or TaN), ReB2 bulk (TaN

bulk) and Re bulk (Ta bulk), respectively; NX and NY denote the number of Re and B (Ta or N) atoms
in the surface slabs, respectively; nX and nY represent the number of Re atoms in Re bulk material
(Ta atoms in Ta bulk material) and B atoms in ReB2 bulk material (N atoms in TaN bulk material),
respectively; and, A is the corresponding surface area. Due to the nonstoichiometric symmetric slabs
in Formula (6), the effect of spurious dipole interactions can be eliminated to ensure the calculation is
accurate [42].

The calculated results involving adsorption energy and interfacial energy are shown in Figure 8
as a function of the theoretical tReB2:tTaN for the 3ReB2/27TaN, 9ReB2/21TaN, 15ReB2/15TaN,
21ReB2/3TaN, and 27ReB2/3TaN interfacial models. The higher the adsorption energy, the stronger
the interfacial bonding and the lower the interfacial energy. Therefore, it can be clearly seen from
Figure 8a,b that the change trend of adsorption energy is opposite to that of interface energy.
The interfacial energy of a system measures the stability of the interface. The smaller the interfacial
energy, the more stable the interfacial structure [43]. In particular, the interface will not form
spontaneously when the interfacial energy of a system is higher than zero. According to Figure 8b,
it is revealed that the ReB2(001)/TaN(111) interfacial structures at five different tReB2:tTaN that form
spontaneously because the calculated interfacial energies of ReB2(001)/TaN(111) with five different
models are negative. The interfacial energy of the 9ReB2/21TaN structure (−1.297 J/m2) is the lowest
when compared with those of 27ReB2/3TaN, 21ReB2/3TaN, 15ReB2/15TaN, and 3ReB2/27TaN by
−0.920 J/m2, −0.470 J/m2, −0.424 J/m2, and −0.505 J/m2, respectively, indicating that 9ReB2/21TaN
is the most stable interfacial structure. This result is consistent with the adsorption energy. It is worth
noting that the interfacial energy at different tReB2:tTaN follows the similar trend as that of the residual
stress. A high residual stress easily causes some cracks in the coatings. Hence, the reduction of residual
stress in the coatings is a key issue, which can improve their industrial applications. The interface
with the 9ReB2/21TaN structure, whose theoretical tReB2:tTaN is experimentally close to 1:3, shows the
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highest adsorption energy and the lowest interfacial energy, meaning that it is the most stable interfacial
bond. It is clear from Figure 4 that the multilayer at a tReB2:tTaN of 1:3 exhibits the lowest residual
stress. We postulate that the low residual stress appears to be directly related to the stable interfacial
bonding. In the theoretical calculation part, different atomic layer numbers are used to represent
the different modulation ratios of nano-multilayers, which has been reflected in other papers [44] in
which the TiAlN/ZrN nano-multilayer was investigated and the most stable interface was found at
tTiAlN:tZrN = 1:4. The difference for this work with the report of reference [44] in the modulation ratio
of the most stable interface is due to the difference in the lattice structure and the interfacial bonding
for different elements in the interface.

Figure 8. Adsorption energy (Ead) and interfacial energy of ReB2/TaN multilayers at different tReB2:tTaN

based on five B-Ta interfacial models.

To further clarify the behavior of the B-Ta interface with the 9ReB2/21TaN structure, the charge
densities, which express the spatial distribution of electrons in the system, and the charge density
differences, which express the relative electron transfer for each atom during the construction of the
interface system, are calculated. The charge density can be available directly, and the charge density
difference is given in refs [45–48]:

ΔρReB2/TaN = ρtotal − ρReB2 − ρTaN (7)

where ρtotal is the total charge density of the ReB2/TaN interface systems, and ρReB2 and ρTaN are the
charge densities for the ReB2 and TaN relaxed isolated slabs, respectively. The charge densities and the
charge density differences in the interfaces are presented in Figure 9a,b, respectively. The short dashed
line represents the interfaces because the selected plane can pass through the interfacial B and Ta
atoms and directly provide the bonding interactions between them. From Figure 9a, due to the charge
distributions in ReB2 and TaN, the chemical bonding, which presents the covalent properties, can be
found between the neighboring B and Ta atoms. Moreover, from Figure 9b, the charge transfer between
the neighboring B and Ta atoms can be observed in which more blue parts means more electrons that
the atoms loses, and more red parts means more electrons that the atoms receive. This indicates that
some electrons transfer from Ta atoms to B atoms during the interface building, thereby forming ionic
bonds between them. From the results, the chemical bonding between the neighboring B and Ta atoms
in the interface system shows both covalency and iconicity.

For a more detailed understanding of the entire interfacial interactions, the density of states (DOS)
for the entire B-Ta interface with the 9ReB2/21TaN structure is calculated, as shown in Figure 10a.
The DOS of the B-Ta interface shows that the wave overlaps the Fermi level, which demonstrates
that the interface exhibits metallic characteristics. It is clear that the largest contribution to the total
DOS is the d and p orbital electrons, while the s orbital electrons’ contribution is relatively small. In
Figure 10b, we calculate the density of states (DOS) of two interface linking atoms for the B-Ta interface
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in order to understand the interfacial interatomic influence. It is clear that the largest contribution to
the interfacial DOS for the B1-Ta interface is the B-2p and Ta-5d orbitals. In addition, the covalency
bonding also exists between the B and Ta atoms in the interface due to the electron orbitals.
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Figure 9. Charge density of 9ReB2/21TaN interface (a) and charge density difference of 9ReB2/21TaN
interface (b), respectively, based on five B-Ta interfacial models.

Figure 10. Density of states (DOS) of 9ReB2/21TaN interface (a) and interface atoms of 9ReB2/21TaN
interface (b), respectively, based on five B-Ta interfacial models.

4. Conclusions

The ReB2/TaN multilayers are well suited for fundamental and application studies of protective
coatings, given their superior mechanical properties and their clear modulated structure. The interfacial
models are set up and the hardness mechanism and the relationship between the mechanical properties
and the multilayered structure are explained from the calculations of the interfacial energy, adsorption
energy, charge density, and density of states (DOS) using first-principles based on density functional
theory (DFT). The following conclusions are made:

(1) The microstructure evolutions in the ReB2/TaN multilayers are carefully investigated by varying
the modulation periods and modulation ratios. Clear coherent interfacial structures form between
epitaxial layers at the optimal modulation period of 10 nm and the modulation ratio of 1:1.
The fine nanocrystallites with small grain sizes are kept stable in individual layers at the optimal
modulation condition.

(2) A maximum hardness of 38.7 GPa occurs at Λ = 10 nm and tReB2:tTaN = 1:1. The highest multilayer
also displays the highest fracture resistance and the highest resistance to plastic deformation.

(3) The shallow indentations show little difference in hardness between the monolithic coatings and
the multilayers. However, variations in the load versus displacement curves are observed at
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deeper indentation depths, indicating an enhancement of the hardness. One can deduce that the
interface has a strong influence on the increase in the hardness.

(4) Six possible multilayered interfaces, B-N, BB-N, Re-N, B-Ta, BB-Ta, and Re-Ta, including eighteen
interface configurations of top, hcp, and bridge, are established. The highest adsorption energy,
hence the best interface stability, occurs in the B-Ta interface configuration. The strengthening
mechanisms of the multilayered structure are elucidated using the calculation results of the
interfacial energies to advance the understanding of the relationship between the superior
mechanical properties and the interfacial structure.

(5) The 3ReB2/27TaN, 9ReB2/21TaN, 15ReB2/15TaN, 21ReB2/3TaN, and 27ReB2/3TaN interfacial
models are established to further explain the underlying mechanism for why the residual stress
depends on the interfacial stability. The multilayers at a tReB2:tTaN of 1:3 exhibits the lowest
residual stress, which agrees with the lowest interfacial energy and the highest adsorption energy
of the 9ReB2/21TaN interfacial structure. Therefore, the 9ReB2/21TaN interfacial configuration is
found to be the most stable interface, which is a main contribution to the residual stress release.
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Abstract: This study aimed to develop hydrogenated amorphous carbon thin films with embedded
metallic nanoparticles (a–C:H:Me) of controlled size and concentration. Towards this end, a novel
hybrid deposition system is presented that uses a combination of Plasma Enhanced Chemical
Vapor Deposition (PECVD) and Physical Vapor Deposition (PVD) technologies. The a–C:H matrix
was deposited through the acceleration of carbon ions generated through a radio-frequency
(RF) plasma source by cracking methane, whereas metallic nanoparticles were generated and
deposited using terminated gas condensation (TGC) technology. The resulting material was a
hydrogenated amorphous carbon film with controlled physical properties and evenly dispersed
metallic nanoparticles (here Ag or Ti). The physical, chemical, morphological and mechanical
characteristics of the films were investigated through X-ray reflectivity (XRR), Raman spectroscopy,
Scanning Electron Microscopy (SEM), Atomic Force Microscopy (AFM), Transmission Electron
Microscopy (TEM) and nanoscratch testing. The resulting amorphous carbon metal nanocomposite
films (a–C:H:Ag and a–C:H:Ti) exhibited enhanced nanoscratch resistance (up to +50%) and low
values of friction coefficient (<0.05), properties desirable for protective coatings and/or solid lubricant
applications. The ability to form nanocomposite structures with tunable coating performance by
potentially controlling the carbon bonding, hydrogen content, and the type/size/percent of metallic
nanoparticles opens new avenues for a broad range of applications in which mechanical, physical,
biological and/or combinatorial properties are required.

Keywords: hydrogenated amorphous carbon films; metallic nanoparticles; hybrid deposition system;
nanoscratch; nanocomposites
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1. Introduction

Hydrogenated amorphous carbon (a–C:H) thin films consist of carbon and hydrogen elements,
where carbon atoms form dangling bonds with hydrogen or sp1, sp2, and sp3 bonds with other
two, three or four carbon atoms, respectively. The properties of such films are directly linked to
the hydrogen content and the hybridization state of carbon bonds. In general, high sp2 content
promotes graphite-like properties, whereas high sp3 percentages favor diamond-like characteristics.
The sp2 structure is relatively softer, more compliant and with lower coefficient of friction compared
to the sp3 structure that is stiff and hard but brittle. The introduction of hydrogen tends to soften
the material, lower its coefficient of friction and increase its ductility [1]. Amorphous carbon films
(hydrogenated or not) with a significant percentage of sp3 hybridization, commonly referred to
as diamond like carbon or DLC/DLCH in short, possess excellent properties like high stiffness
and hardness, low coefficient of friction, high wear resistance, chemical inertness, low permeability,
high melting point, optical transparency in infra-red (IR), high electrical resistivity and thermal
conductivity [2–4]. These exceptional properties led to a series of industrial applications like protective
coatings on microelectromechanical systems (MEMS), razor blades, hard disc drives and biomedical
implants to gas barriers in polyethylene terephthalate (PET) bottles [5–7].

The main hindrance to further industrial exploitation of DLC films was poor scratch resistance
which led to premature failure, primarily due to the high residual compressive stresses (in the GPa
range) trapped during deposition and the ion subplantation process [8]. To circumvent this brittleness
problem and allow for thicker and more stable films several recent studies proposed the doping of DLC
with other elements [9–13]. Among the doping elements used were transition metals–typically termed
metal containing hydrogenated amorphous carbon films, a–C:H:Me—or non-metal elements–typically
termed as modified hydrogenated amorphous carbon films, a–C:H:X—such as silicon, oxygen,
boron, nitrogen, and so forth. In essence, the idea lies in the formation of a particle reinforced
nanostructured nanocomposite film for which the amorphous carbon matrix phase surrounds the
soft metallic phase. For such composites, the toughening mechanism is based on continuum
mechanics, where the cumulative composite response relates to the properties of the constituent
phases, their relative fractions, the characteristic geometry of the dispersed phase (i.e., size, shape,
dispersion and orientation) and finally the very nature of the bond between the matrix and the
particulate nanoconstituents. Note that for thin films on substrate material the interfacial nature and
residual stresses are also of important consideration. While there are other routes to improve the
toughness of amorphous carbon films, like modifying the chemical structure, bonding characteristics
or morphological details of the a–C matrix [7,14], we here concentrate on incorporating metallic
nanoparticles into the hydrogenated amorphous carbon matrix.

The motivation of this study was the lack of (a) a concentrated study for the in-depth
understanding of the structural and mechanical characteristics of a–C:H:Me and (b) deposition
methodology in which the size of the reinforcing particles can be separately controlled and not
be the result of the ion interaction with the substrate material. We aimed to develop a new generation
of a–C:H:Ag and a–C:H:Ti films with improved combination of properties and performance. These
characteristics have been achieved through the use of a hybrid deposition technology, a combination
of Plasma Enhanced Chemical Vapor Deposition (PECVD) and Physical Vapor Deposition (PVD). The
amorphous carbon matrix was generated by PECVD where carbon ions were generated by an RF
plasma source by cracking methane, while the metallic nanoparticles (NPs) were generated through a
nanoparticle source based on PVD technology. The motivation of using the above deposition system
was associated with the flexibility of individually controlling the matrix quality and nanoparticle
size/percent not currently achievable using conventional deposition techniques reported in the
literature [15–19]. Such hybrid technologies have the ability to produce nanocomposites and laminar
films for modern material needs, such as coatings for solar harvesting applications (i.e., by converting
solar energy into thermal power), tribological coatings for energy reduction in vehicles (i.e., new
tough coatings with low friction coefficient and density on engine components) and protective
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coatings in biomedical implants. The a–C:H:Ag and a–C:H:Ti nanocomposite films deposited herein
were characterized using X-ray reflectivity (XRR), Raman spectroscopy, Atomic Force Microscopy
(AFM) and Scanning/Transmission Electron Microscopy (SEM, TEM) for measuring density, thickness,
chemical bonding, composition, roughness and nanoparticle size/shape. The nanoscratch response was
quantified using an instrumented indentation platform. The transition metals of silver and titanium
were selected as reinforcing nanoparticles due to their very good mechanical compatibility with a–C:H
(EAg = 70 GPa, HAg = 1 GPa and ETi = 115 GPa, HTi = 3–5 GPa) and their tendency to reduce
residual compressive stresses; an element with carbide-forming abilities, titanium, and an element
with non-carbide forming tendency, silver, are investigated for comparison. Beyond their chemical
and mechanical characteristics, Ag and Ti have been selected due to their optical characteristics—more
precisely, due to the way they interact with light. For example nanoparticulate silver and titanium (in
its nitride form), exhibit plasmon-resonance response when interacting with light [20], which translates
into an enhanced optical absorption in the UV-visible-near IR range of wavelengths and can be opted in
coatings for solar-harvesting applications [21,22]. In fact, their introduction into the amorphous carbon
matrix generates a nanocomposite system with additional functionalities. Furthermore, beyond their
optical characteristics, silver and titanium have been used in biomedical devices. While the therapeutic
window where metallic nanoparticles are bactericidal but retain their biocompatibility characteristics
with human cells is still a matter of debate and investigation [23–28], this type of nanocomposite
systems (a–C:H:Me) could serve as candidate materials for such applications.

2. Materials and Methods

2.1. Deposition of Nanocomposite a–C:H:Me Films

2.1.1. Ion Beam Source

Metal-containing hydrogenated amorphous carbon films were deposited using a custom-made
hybrid deposition system, which combines plasma enhanced chemical vapor deposition (PECVD) and
physical vapor deposition (PVD) technologies. A schematic of the deposition chamber is presented in
Figure 1a. PECVD was enabled through radio frequency (RF) ion-beam technology, a diagram of which
is presented in Figure 1b. The ion beam source has an external RF antenna that spirals around the
plasma tube in the form of a coil. The RF waves emitted by the antenna enter the transparent plasma
tube to ionize the gas introduced therein to produce charged ions. The main chamber of the system
was pumped down to 10−8 mbar (basic pressure) using a roughing and a turbo-molecular pump. The
energetic carbon/hydrogen ions generated from this gas-cracking process (methane (CH4) was used in
this study) were accelerated towards the substrate by a voltage applied on a grid located between the
plasma source and the substrate material. The voltage applied on the grid related to the kinetic energy
of the ions. The transportation of ions from the source to the substrate occurs in line of sight conditions
and a working pressure of approximately 10−3 mbar, the exact value of which depends on the total gas
flow within the discharge tube. The accelerated ion species were deposited on the substrate material
to grow hydrogenated amorphous carbon (a–C:H) films. The ion beam arrived at an incidence angle of
30◦ to the substrate which was located 22 cm away from the ion beam. In optimizing the density and
deposition rate a parametric study on the effects of deposition conditions on the physical characteristics
of a–C:H films preceded the deposition of the metal-containing nanocomposite films (a–C:H:Me).
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Figure 1. (a) Schematic of the hybrid PECVD/PVD system used within this study; Details of (b) the ion
source and (c) the nanoparticle source; (d) Schematic of the metal containing hydrogenated amorphous
carbon nanocomposite films deposited within this study (a–C:H:Ag and a–C:H:Ti).

2.1.2. Nanoparticle Source

Metal NPs were generated using NanoGen50 (Mantis Deposition Ltd., Thame, UK). The
nanoparticle generator (Figure 1c) utilizes a variant of the PVD method, called Terminated Gas
Condensation (TGC); this technology uses magnetron sputtering coupled with a condensation zone
that is used to grow metallic NPs. More details on the operating mechanisms of TGC can be found in
Ref. [29]. Here, silver or titanium were physically vapored by momentum transfer of argon ions onto
the solid target (application of sputtering voltage/power promotes the creation and then acceleration
of argon ions onto the solid target). The sputtered atoms of metal target nucleate and grow into
larger clusters through collisions in the gas phase. The length of the condensation zone, which
can be varied, affects the size distribution of the metallic clusters; longer times spend within the
condensation zone result in higher collision in gas phase and thus larger clusters. The size of the
metallic NPs have negative charge and can be consequently filtered by a quadrupole (complex of
four rods) mass spectrometer MesoQ (Mantis Deposition Ltd., Thame, UK) which is located in series
with the condensation zone (see Figure 1c). The quadrupole filter can be used to preselect NPs of
specific size (mass) to pass through it and at the same time measure their current (which qualitatively
relates to the number of NPs per unit area per time). In order to investigate the control on the particle
size, Ag and Ti NPs were deposited on silicon substrates with sub-nanometer roughness of 0.4 nm
(measured through AFM). Prior to deposition, the substrates were cleaned with compressed air to
remove any possible dust particles or debris from their surfaces. Argon gas flow, sputtering current
and condensation distance were set to 60 sccm, 60 mA and 8.5 cm, respectively; the working pressure
in the main chamber was in the order of 10−3 mbar.

2.1.3. Hybrid Deposition of a–C:H:Me Nanocomposite Films

Nanocomposite films of a–C:H:Ag and a–C:H:Ti were deposited by sequential operation of the
PECVD and PVD guns. A pattern of five layers of a–C:H films (each with ~16 nm thickness with a
deposition rate of ~4 nm/min) and intermediate depositions of metallic NPs (selected nominal mean
particle diameters of 4 nm for Ag and 10 nm for Ti) between each a–C:H layer was implemented. No
energetic bias was applied on the substrate while the temperature remained at 25–35 ◦C. An RF power
of 200 W was applied to a CH4/Ar mixture of 6.0 sccm/0.5 sccm while the produced carbon ions were
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accelerated on the substrate material using 150 V grid voltage and a background pressure of 10−3 mbar
to produce a–C:H layers with a density of 1.7 g/cm3 (measured by X-ray reflectivity).

2.2. Characterization of Nanoparticles and Films

2.2.1. X-ray Reflectivity

An X-ray diffractometer (Rigaku Ultima IV, Tokyo, Japan) was used to measure the specular
X-ray reflectivity of the various deposited films. The diffractometer was equipped with a Cu tube,
operated at 40 kV accelerating voltage and 40 mA emission current. The incidence X-ray beam was
collimated into a parallel beam with a 0.03 divergence and additionally monochromatized to Cu Ka
(λ = 0.15419 nm) by a curved multilayer mirror. Density and thickness values of the thin films were
extracted by fitting the respective experimental data to the theoretical reflectivity calculated using
Parratt’s formalism [13,30,31].

2.2.2. Raman Spectroscopy

The microstructural details of a–C:H:Me films were probed using Raman spectroscopy. This
characterization method was employed in order to (a) access the bond characteristics of the deposited
a–C:H films and indirectly link the information with sp2/sp3 configurations, and hydrogen content
(i.e., through ID/IG and full-width at half-maximum of the G-peak, FWHM(G)) [32] and (b) trace
the chemical modifications imparted on the nanocomposites, a–C:H:Ag and a–C:H:Ti, through the
introduction of metal NPs. Raman data were collected by a confocal LabRAM (HORIBA Jobin Yvon,
Kyoto, Japan) equipped with a CCD detector and 1800 grooves/mm grating. It is equipped with
an Olympus BX41 microscope (10×, 15×, 40×, 50× and 100×). The 441.1 nm excitation laser beam
was provided by a Helium-Cadmium laser (KIMMON KOHA, Fukushima, Japan). The laser power
incident on the sample was 3–4 mW and the accumulation time was 15–20 min for each spectrum.

2.2.3. Atomic Force Microscopy

Atomic force microscopy (AFM) was used to quantify the size and number of metallic NPs and
also to quantify the roughness of the resulting nanocomposite films. All measurements were performed
in semi-contact mode using a scanning probe microscope (Ntegra Prima, NT-MDT, Moscow, Russia)
equipped with an NT-MDT cantilever (NSG10) having a mean force constant of 11.8 N/m and a tip
nominal radius of 6 nm. For NP size calibration AFM images were 500 nm × 500 nm in size collected
with a tip scan rate of 1 Hz and a resolution 512 × 512 points in x-y direction. The surface topography
of the deposited a–C:H and a–C:H:Me films was measured using contact mode and a CSG10 probe
having a mean force constant of 0.11 N/m and a nominal tip radius of 6 nm. Images of 3 μm × 3 μm
and 256 × 256 data density were collected and subsequently software-analyzed for quantifying the
root mean square (RMS) roughness of the deposited a–C:H:Me surfaces.

2.2.4. Nanomechanical Testing

The nanotribological response of the deposited a–C:H:Me films was tested on an instrumented
nanoindentation platform (Micro Materials Ltd, Wrexham, UK) using a friction bridge transducer and
a conospherical diamond probe with a tip radius of 3.2 μm, as calibrated through elastic indentations
on a material with known properties [33]. The three-pass experiment with 1 ramp-load scratch test
between 2 topography passes was used for scratch testing all films with 6 repetitions, with a total
scratch length of 300 μm, a load applied after 50 μm distance, a scan speed of 2 μm/s and a scratch
loading rate of 1.6 mN/s to reach a maximum load of 200 mN. A 50 μm distance between each
scratch was used. During all scratch tests friction data was collected that provided access to the
friction coefficient.
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2.2.5. Transmission/Scanning Electron Microscopy

Selected specimens were studied using TEM (JEM HR-2100, JEOL Ltd., Tokyo, Japan) operated at
200 kV in bright field mode. In studying the shape and size of the generated NPs, several depositions
were made directly on formvar/carbon coated 300 mesh Cu TEM grids (Science Services GmbH,
München, Germany). Residual scratches from nanomechanical measurements were also studied with
SEM (Quanta 200, FEI, Hillsboro, OR, USA) at various magnifications in order to link microstructural
characteristics with nanotribological metrics.

2.2.6. Residual Stress Measurements

Residual stresses generated within the film during deposition were estimated using Stoney’s
equation [34]:

σf =
1
6

(
Es

1 − vs

)
t2
s

tf

(
1
R

)
(1)

where Es = 170 GPa and vs = 0.22 are the silicon substrate modulus of elasticity and Poisson’s ratio,
and R is the radius of curvature calculated through height and cord measurements of cross-sectional
data obtained from three dimensional non-contact optical profilometry surface profiles; height and
cord data were recorded with 0.1 nm and 150 nm accuracy, respectively. The validity of Equation (1)
was ensured by respecting that the fundamental assumptions on which it was derived persist [35,36]:
(i) substrate and film thicknesses are significantly smaller than the plane dimensions, (ii) film thickness
(tf ≈ 80 nm) is significantly smaller than the substrate thickness (ts = 375 μm), (iii) substrate and film
are homogeneous, and (iv) residual stresses induce equal bending in both x-y directions (i.e., spherical
curvature and thus the biaxial stress is equal in the whole plate).

3. Results and Discussion

3.1. Ion Source and a–C:H Deposition Rate

Prior to the deposition of the nanocomposite films a series of pristine a–C:H films were deposited
in order to study the effects of ion source characteristics on the deposition rate and physical properties
of the films. The resulting thickness and density of the produced films were quantified through X-ray
reflectivity measurements. The various depositions performed investigated the parameters that affect
the ion beam characteristics and their link with microstructural characteristics of the films so to produce
a–C:H with dense packing of carbon atoms and efficient deposition rates. In general, the ion beam
process can be divided into three basic steps: (i) creation of ionized species, (ii) acceleration of species,
and (iii) deposition and growth of the film; the controlling variables that affect those processes are the
RF power, the gas flow, grid voltage, and substrate bias/temperature. For this study, substrate bias
and temperature were kept at 0 V and 25 ◦C respectively.

In investigating the effect of gas flow rate and grid voltage a series of specimens were deposited
while systematically varying these two parameters. Figure 2a shows that the deposition rate increases
with grid voltage and the dependency is more pronounced for higher CH4/Ar ratios. In the system
presented herein the kinetic energy of the accelerated ions is controlled by the voltage applied to
the plasma grid of the discharge quartz tube. It is apparent that the increase of grid voltage does
not only affect the kinetic energy of the plasma generated ions but also the rate at which they pass
through the grid, having as a result an increase in the amount of deposited species and subsequently
film thickness. Furthermore, the deposition rate also increases when the CH4 concentration in the
tube increases. Figure 2b quantifies the effect of argon gas flow on the deposition rate of the a–C:H
films. It is apparent that an increase in the relative volume fraction of argon flow relative to the total
gas flow in the discharge tube (argon and methane) significantly reduces the resulting film thickness.
It should be noted that the total gas flow rate was kept constant (6.5 sccm) such as the pressure
within the chamber remained relatively unaffected. The highest thickness among the produced films
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is observed for Ar/CH4 flow rates of 0.5 sccm/6.0 sccm (Ar volume fraction of ~8%) whereas for
Ar/CH4 flow rates of 2.5 sccm/4.0 sccm (Ar volume fraction of ~38%) the thickness of the deposited
films is significantly reduced by −65%. This phenomenon is partly related to the fact that Ar ions
generated within the plasma chamber and accelerated towards the substrate promote etching to the
surface of the deposited material (it should be noted that argon atoms are significantly heavier than
carbon atoms) thus decreasing deposition rate and thickness of a–C:H films. Furthermore, the increase
of Ar volume fraction while maintaining a constant gas flow rate within the chamber leads to a gradual
reduction in the CH4 volume fraction which is the source of carbon ions, and its reduction inevitably
leads to a reduction in the deposition rate and thickness of the deposited material. The density values
of all films deposited herein vary within 1.52 g/cm3–1.80 g/cm3.

Figure 2. (a) Effect of grid voltage on film thickness for two different gas flow rate combinations:
CH4/Ar = 6.0 sccm/0.5 sccm = 12 and CH4/Ar = 3.0 sccm/1.5 sccm = 2; results are for RF power
of 200 W; (b) Effect of volume fraction on film thickness; results are for RF power of 200 W and grid
voltage of 150 V and a constant total gas flow rate in the chamber (CH4 + Ar = 6.5 sccm).

3.2. Ag and Ti Nanoparticles

A series of silver and titanium NP depositions were performed on silicon and TEM grid substrates
in order to confirm the ability of the nanoparticle source to generate NPs with precise sizes and
calibrate at the same time the deposition rates that were required for the controlled composition of the
nanocomposite films. Table 1 shows details of the set of silver nanoparticle samples synthesized using
NanoGen50 where the preselected nominal particle size has been varied while retaining a grounded
substrate and a constant deposition flux (K), defined as the product of NP current (j) with deposition
time (t):

K = j × t (2)

Table 1. Deposition details for a series of silver nanoparticle specimens with nominal diameters in the
4 to 12 nm range. Argon flow, magnetron position, and NP current where set at 60 sccm, 8.5 cm, and
60 mA respectively. The substrate was grounded and the size was selected using the MesoQ filter.

Samples
Working Pressure

(mbar)
Nominal Size

(nm)
Deposition Time

(s)
J

(nA)
K

(nA·s)

Ag12nm 4.9 × 10−3 12 60 0.03 1.8
Ag9nm 4.8 × 10−3 9 18 0.10 1.8
Ag6nm 4.8 × 10−3 6 11 0.17 1.8
Ag4nm 4.8 × 10−3 4 45 0.04 1.8

Consequently, for a given ion current (which is experimentally tractable) the deposition flux can
be easily controlled by tuning the duration of a given deposition.
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Figure 3 shows TEM (Figure 3a,c) and AFM (Figure 3b,d) images of the generated Ag (Figure 3a,b)
and Ti (Figure 3c,d) NPs. The images testify towards the ability of the nanoparticle source to generate
a non-agglomerated group of almost spherical NPs with controlled diameters. In order to quantify the
sizes of the Ag and Ti NPs the images were digitally analyzed. For all the samples, the size and number
of NPs were counted by the threshold method [37,38] which makes the assumption that the NPs are
spherical and rest on a substrate with minimal roughness. During the levelling process the particles
were excluded from the fit to avoid local distortions of the data. Figure 4 shows the experimentally
obtained diameters in comparison with their nominal values for the various Ag NPs synthesized
herein. It is evident that the TEM results are in excellent agreement with the AFM data and confirm
the ability of NanoGen to deposit NPs with controlled sizes and minimal size distributions. Some
minor deviations between the experimental and nominal values can be attributed to the settings of the
quadrupole filter which potentially could be optimized for even more refined correspondence between
the two.

Figure 3. TEM (a,c) and AFM (b,d) images of Ag (a,b) and Ti (c,d) NPs synthesized using the
nanoparticle source. Nominal diameters for Ag and Ti were 4 nm and 10 nm.

Figure 4. Experimental versus nominal NP diameters for a series of Ag nanoparticle depositions.
Experimental diameters were obtained from AFM and TEM images after digital image analysis.

Figure 5a shows the particle density, calculated through AFM images in billions of NPs per square
millimeter, as a function of the deposition time. The details of the samples synthesized towards this
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end are presented in Table 2 and the experiments were performed in order to quantify a measure
of the deposition rate that allowed us to generate nanocomposite a–C:H:Me films with controlled
compositions. The samples presented in Figure 5a had a nominal size of 4 nm and various deposition
times preselected to achieve various coverages/densities. Figure 5b,c show AFM images of low and
high NP coverage respectively. The AFM images were analyzed using the threshold routine and the
values of NP density are plotted in Figure 5a. As expected, an increase in deposition time increases
the number of NPs per mm2 and this trend appears to be linear with a resulting deposition rate of
0.0722 × 109 mm−2 min−1. The same experimental process has been followed for Ti NPs showing an
almost identical deposition rate.

Figure 5. (a) Ag nanoparticle density for various deposition times; results relate to the samples shown
in Table 2. AFM image of a (b) low deposition time and (c) high deposition time.

Table 2. Deposition conditions for 4 nm nominal diameter Ag NPs grown at various durations and 0 V
substrate bias. Argon flow, magnetron position, and NP current were set at 60 sccm, 8.5 cm and 60 mA.

Samples
Working Pressure

(mbar)
Nominal Size

(nm)
Deposition Time

(s)
J

(nA)
K

(nA·s)

Ag30s 4.7 × 10−3 4 30 0.3 9
Ag60s 4.7 × 10−3 4 60 0.3 18
Ag120s 4.7 × 10−3 4 120 0.3 36
Ag300s 4.7 × 10−3 4 300 0.3 90
Ag900s 4.7 × 10−3 4 900 0.3 270

3.3. a-C:H:Ag and a-C:H:Ti Nanocomposite Films

3.3.1. Microstructural Details and Bonding Characteristics

Details of the nanocomposite films prepared and tested within this study are shown in Table 3.
The reported particle size relates to the experimentally obtained values (AFM and TEM analysis)
whereas the metal contents were estimated through the calibration curves reported in Figures 4 and 5.
The PECVD and PVD guns were operating in alternating turns (5 repetitions each) in order to generate
multi-layer films of ~80 nm in thickness and intermediate nanoparticle depositions with concentrations
as reported in Table 3. The hydrogenated amorphous carbon matrix used in all nanocomposite films
was deposited using an RF power of 200 W, a gas mixture of CH4/Ar = 6.0 sccm/0.5 sccm and
grid voltage of 150 V, which resulted in a film density of 1.7 g/cm3 as quantified through X-ray
reflectivity measurements.
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Table 3. Deposition details of the nanocomposite films grown in this study and the resulting
surface roughness as quantified through AFM. PVD conditions: Argon flow, magnetron position,
and sputtering current were set at 60 sccm, 8.5 cm and 60 mA. PECVD conditions: 6 sccm/0.5 sccm
(CH4/Ar), 200W RF power and 150 V grid current. The Me content is calculated through the calibration
curve presented in Figure 5 and the measured NP size and a–C:H deposition rate.

Material
NP Size

(nm)
Me Content

(at.%)
RMS Roughness

(nm)

a–C:H - 0 0.4 ± 0.1
a–C:H:Ag0.23at. % 5.6 0.23 1.8 ± 1.0
a–C:H:Ag0.33at.% 5.6 0.33 2.0 ± 0.6
a–C:H:Ti0.33at.% 11.3 0.33 5.3 ± 0.9
a–C:H:Ti0.56at.% 11.3 0.59 4.8 ± 0.2

TEM images suggest that the metallic NPs are crystalline in nature (single crystals in most
cases) and retain their original compositions, that is, neither Ag nor Ti NPs chemically react with the
surrounding a–C:H matrix. Figure 6 shows a high resolution TEM image of a Ti NP embedded in
an a–C:H matrix. A closer investigation at the Ti/a–C:H interphase coupled with a 2-dimensional
fast Fourier transform of the cropped section suggests that (a) the nanoparticle exhibits d-spacings
of 0.234 nm which correspond to the interplanar distance of Ti (002) planes, which translates to the
fact that titanium carbide is not formed and (b) the aureole that is formed around the Ti NP shows
characteristics of crystallinity with d-spacings on the order of 0.172 nm that can be related to the (004)
planes of graphite, suggesting that the vicinity to the NPs surface graphitizes, the extend of which can
be estimated up to 10 atomic planes (~3 nm). This is consistent with atomistic simulations [39] which
reveal that the incorporation of transition metals into the amorphous carbon matrix leads to a process
of C–C bond breaking and enables the formation of the lowest energy crystalline carbon state, that
of graphite.

Figure 6. (a) High resolution TEM image of a Ti nanoparticle with the surrounding a–C:H matrix; (b) A
magnified view of the a–C:H/Ti interface showing the transition in crystalline domains; (c) 2D FFT of
image selection, identifying the two dominant d-spacings.

The Raman spectra for a–C:H and a–C:H:Me nanocomposites are presented in Figure 7a.
All spectra exhibit the characteristic shape for amorphous carbon; the cumulative response was
deconvoluted to the D-band (~1350 cm−1) and G-band (~1550 cm−1) contributions using Gaussian fits.
Several important metrics, including the location of the G peak, the intensity ratio of D over G peaks
(ID/IG) and the full width at half maximum of the G Peak (FWHM (G)) were extracted and the results
are shown in Figure 7. In general, the D peak is due to the vibration of sp2 rings and the G peak to the
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resonance of the sp2 atoms organized in both rings and chains. Subsequently, the higher the ID/IG
ratio the higher the sp2 clustering within an a–C:H sample.

Figure 7. (a) Raman spectra for the a–C:H:Me nanocomposite films tested within this study showing
also the deconvoluted Raman spectra for a–C:H, fitted by Gaussian curves at D and G carbon band
resonant frequencies. (b) Extracted ID/IG and FWHM(G) as a function of titanium content for the
a–C:H:Ti films synthesized herein.

The intensity ratio of a–C:H yields a value of ID/IG = 0.45. Empirical relations obtained from
experimental data on a large collection of data on hydrogenated amorphous carbon films suggest that
this intensity ratio is inversely related to both hydrogen content [32] and (indirectly through the Tauc
gap) sp3 hybridization state [40]. A comparison of this experimentally obtained value with literature
data suggests that the pure a–C:H film synthesized within this study consists of a hydrogen content of
20–25 at.% and an sp3 content of approximately 50 at.%. An a–C:H film with such characteristics is
commonly referred to as diamond-like a–C:H (DLCH) with density values that vary between 1.5 g/cm3

to 1.8 g/cm3 and high sp3 bonds (up to 70 at.%), a significant percentage of which are hydrogenated
terminated [1,41]. Indeed, our a–C:H matrix with a density of 1.7 g/cm3 (measured through XRR),
hydrogen content of ~25 at.% and sp3 content of ~50 at.% falls within the DLCH category [32]. It should
be noted that the empirical relations utilized herein were obtained with an excitation wavelength of
514 nm, whereas the wavelength utilized in Ref. [32] was 441 nm. Nevertheless, experimental evidence
suggest that the effect of excitation wavelength on the ID/IG is minimal and therefore the curves
obtained with 514 nm excitation are not expected to significantly deviate from the 441 nm results [1,42].

The FWHM(G) probes the structural disorder of the sp2 clustering in amorphous carbon
material [40,43]. A lower FWHM(G) value denotes an a–C:H with less unstrained sp2 clustering,
whereas a higher FWHM(G) value suggests a material with an increased disordering in bond lengths
and angles for the sp2 clusters. The reduction of FWHM(G) with metallic doping (from 165 to 155, see
Figure 7b) suggests that the introduction of Ti NPs tends to reduce the structural disorder which is
consistent with the graphitization of the surrounding matrix as evidenced in TEM images (Figure 6)
and the observed increase in the ID/IG ratios and the subsequent reduction of the residual stresses
through the relief of strain energy introduced in distorted bond lengths and bond angles. Furthermore,
the G peak position shifted slightly to higher wavenumbers, in particular from 1552 cm−1 to 1559 cm−1

with the incorporation of Ag or Ti metal within a–C:H matrix resulting to higher sp2 clustering. This is
consistent with the FWHM(G) reduction which also signifies an increase of sp2 clustering as it falls
following a reverse trajectory from amorphitization for composite samples. Our results are in very
good agreement with literature data [17,44,45].

The surface roughness of a–C:H films deposited under controlled conditions onto a flat silicon
substrate is measured at 0.4 ± 0.1 nm which is consistent with hydrogenated amorphous carbon
values reported in the literature. The introduction of metallic NPs within the a–C:H matrix increases
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the surface roughness of the a–C:H:Ag and a–C:H:Ti nanocomposite films as presented in Table 3.
The increase in roughness for nanocomposites can be attributed to nanoscale protrusions that are
generated beyond the NPs as an overlay of a–C:H film is deposited. It is interesting to note that
the increase in the roughness for the a–C:H:Ti is more pronounced which is probably related to the
higher nanoparticle size used for these nanocomposites in comparison to a–C:H:Ag. Given that surface
roughness is one of the parameters that control the interaction of cells with the substrate material
they reside [46,47], the ability to manipulate roughness could be exploited for potential use of these
materials in biomedical applications.

Residual compressive stresses as calculated through curvature measurements and the Stoney
equation are shown in Figure 8. Consistent with literature data, a–C:H films deposited using PECVD
contain a significant amount of stresses (~2.3 GPa) that are trapped within the material during
the deposition process. The introduction of metallic NPs appears to have a positive effect on the
nanocomposite response as a significant proportion of the residual stresses are relaxed: −26% for Ag
and −33% for Ti. This is related to the graphitization of the matrix with the introduction of metallic NPs
and the release of energy trapped within angular and linear bond-distortions. This observation is also
in line with the Raman results presented above. This stress-reduction mechanism increases the stability
of the film and enhances the required critical load for film delamination, as it is evidenced below.

Figure 8. Residual stresses of the nanocomposite films as a function of the metal content.

3.3.2. Nanotribological Response: Scratch Resistance and Friction Coefficient

The tribological performance of all a–C:H and a–C:H:Me nanocomposites deposited within this
study was investigated by the nanoscratch method [48–51] and the extracted critical loads for yielding,
cracking, and delamination are reported in Table 4. Figure 9 shows typical data from a three-pass
scratch test on a–C:H film, using a conospherical probe. A low load scan before and after the scratch
test provided topography information that (a) were used to correct data for initial background tilt and
topography and (b) detect film/substrate deformation responses due to applied contact pressures. The
key features that are observed in scratch tests are: (a) the load related to the departure from elastic to
plastic deformation (denoted as Py), (b) the load to initiate film edge cracking (denoted as PCL1 and
PCL2), and (c) the load for full film fracture (denoted as PCL3). The load required to initiate plastic
deformations can be detected from the deviation of the residual scratch depth from initial topography
that is an increase of the residual depth (topography scan during pass 3, Figure 9b). It should be
noted that Py is indicative to the substrate initial plastic deformation and not to the film properties
itself as evidenced by calculations on the maximum stress location which is well within the substrate
material [12,52]. An additional step on the residual scratch depth reveals film crack initiation while any
large fluctuations of residual scratch depth relate to film fracture and delamination from the substrate.
Furthermore, the friction force evolution with scratch distance (Figure 9c) is an alternative convenient
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means to detect/confirm PCL3 for delamination fracture. Plastic deformation, cracking and film failure
changes were also confirmed microscopically from SEM images. For the pristine a–C:H the average
critical loads for yielding, cracking and failure were Py = 5.3 mN, PCL1 = 18.2 mN, PCL2 = 48.0 mN, and
PCL3 = 114.8 mN. The extracted critical loads for all films tested herein are summarized in Table 4.

Table 4. Summary of tribomechanical metrics extracted from nanoscratch tests.

Samples Py (mN) PCL1 (mN) PCL2 (mN) PCL3 (mN) COF (-)

a–C:H 5.3 ± 0.6 18.2 ± 2.7 48.0 ± 7.7 114.8 ± 24.7 0.035 ± 0.002
a–C:H:Ag0.23at.% 4.5 ± 0.3 22.6 ± 3.7 54.2 ± 9.1 156.6 ± 7.5 0.019 ± 0.004
a–C:H:Ag0.33at.% 5.4 ± 0.7 23.5 ± 3.8 54.7 ± 9.3 162.8 ± 12.5 0.020 ± 0.003
a–C:H:Ti0.33at.% 4.7 ± 0.6 18.5 ± 2.9 49.8 ± 2.9 123.8 ± 31.5 0.041 ± 0.004
a–C:H:Ti0.59at.% 4.9 ± 0.4 18.8 ± 1.7 52.0 ± 5.0 133.0±13.1 0.040 ± 0.006

Figure 9. Typical results from a nanoscratch test on a–C:H film. (a) Applied load; (b) residual depth
and (c) resulting frictional force as a function of the scratch distance; (d) SEM image of the residual
nanoscratched imprint.
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The a–C:H, a–C:H:Ag, and a–C:H:Ti films exhibited similar critical loads for transitioning from
elastic to plastic deformations. More precisely, the average Py values for these films were found to be
5.3 mN, 4.5 mN, 5.4 mN, 4.7 mN and 4.9 mN respectively. Beyond that, the average values of the critical
loads required for cracking initiation, PCL1, were found to be 18.2 mN, 22.6 mN, 23.5 mN, 18.5 mN
and 18.8 mN respectively; for all nanocomposite cases the average values were higher than the value
for pristine a–C:H film. Furthermore, the delamination loads found for composite films in all other
cases were higher compared to the neat a–C:H film; this can also be clearly observed by comparing
the residual imprints. Indicative SEM images of residual imprints on pristine and metal containing
nanocomposite films are shown in Figure 10, where it is evident that the initiation of delamination is
shifted to higher distances/loads.

Figure 10. Characteristic residual scratches on (a) a–C:H, (b) a–C:H:Ag and (c) a–C:H:Ti films.

The enhancement in scratch resistance exhibited by a–C:H:Ag and a–C:H:Ti systems (Figure 11) is
in line with bonding characteristics extracted from Raman measurements. The increase of (ID/IG) ratio
and decrease of structural disorder through FWHM(G) value with metal content imply an increase
of sp 2 clustering and deviation from amorphitization trajectory and hard materials. It is therefore
clear that silver and titanium promote the graphite-like properties and both reduce hardness and
increase ductility, toughness and abrasion resistance as well. These conclusions are well supported
from experimental and theoretical studies in literature; concerning the increase of sp2 clustering with
the presence of amount and size of silver [39,45,53], while the decrease of hardness and increase of
abrasion resistance is discussed in [12].
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Figure 11. Critical loads for yield, cracking and delamination as quantified through scratch tests for
(a) a–C:H:Ag and (b) a–C:H:Ti.

For such systems, residual stresses play a pivotal role in the delamination and early fracture
during scratching. Residual stresses measured for a–C:H:Me films were found to decrease compared
with a–C:H (see Figure 8). The reduction of residual stresses coupled with the chemical, physical and
synthesis characteristics of metallic particles appears to be beneficial for the abrasion resistance of the
nanocomposite films. For example, the low elastic modulus and hardness of Ag (E ≈ 70 GPa,
H ≈ 1 GPa), coupled with its low wettability and inertness with carbon, and good dispersion
and geometrical characteristics leads to a reduction of residual stresses, the development of a
nanocomposite film which enhances ductility, toughness and scratch resistance to higher values
in contrast to the pure a–C:H matrix. Titanium with an elastic modulus of E ≈ 115 GPa and hardness
of H ≈ –5 GPa exhibits similar enhancements on the tribological response of the nanocomposite films.
The lower improvements can be attributed to the higher roughness (probably caused by the higher
nanoparticle size, 11.3 nm compared to 5.6 nm for silver) that amplifies the ploughing contribution of
roughness and subsequently the frictional resistance (see Figures 12 and 13).

Figure 12. Coefficient of friction as a function of applied load for (a) a–C:H:Ag and (b) a–C:H:Ti
nanocomposite films.
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Figure 13. COF values for the a–C:H and a–C:H:Me films deposited in this study. The COF values
reported correspond to the average values calculated within the elastic domain (P < Py).

The coefficient of friction (COF) is another property of great significance which controls the
tribological characteristics of these type of films. Figure 12a,b shows the evolution of COF with
the applied load during the scratch test for a–C:H:Ag and a–C:H:Ti respectively. For low loads the
contact pressure is below the yield limit of either the film or the substrate and the COF is very low
(~0.02–0.04). As the contact pressure increases COF increases in a non-linear fashion with the applied
load, subsequently reaching constant values until the film fails which can be noted with a sudden
increase in the COF vs. applied load response. The increase of COF with the applied load relates to the
plasticity and ploughing effect of diamond probe within the a–C:H film [54]. As COF increases the
stress beneath the contacting probe becomes more significant with the possibility of failure to follow
the probe [55]. Such a response is not directly detectable in the COF vs. applied load evolution but can
be observed in the residual surface profiles through probe line scans or SEM images (see Figure 9).

The average COF values calculated within the elastic contact regime (P < Py) for all films tested
herein are shown in Figure 13. The COF value for pure a–C:H is 0.035 ± 0.002 which is in agreement
with values reported in the literature for similar material systems and testing conditions [56]. The very
low COF values have been attributed to the formation of a tribolayer between the probe and the film,
which acts as a solid lubricant that suppresses both COF and wear. The introduction of silver into the
system tends to lower the COF into even smaller values (~0.020). The enhancement of lubrication in
the silver-doped amorphous carbon systems has been reported in [57,58] and can be attributed to the
solid lubricant properties induced by the soft silver NPs [45,59]. The introduction of Ti NPs into a–C:H
tends to slightly increase the COF (even though the increase is within the standard deviation of the
experimental results) which might be attributed to the increased roughness generated by the larger size
of Ti NPs and the increased elasticity/hardness of the Ti NPs which might delay the yielding of a–C:H
and the generation of the transfer layer. An increased COF for surfaces with higher roughness has
also been documented by Erdemir et al. [60] and has been attributed to the more extensive ploughing
contribution that existed in such surfaces.

4. Conclusions

A novel hybrid (PECVD/PVD) deposition system is presented that can deliver nanocomposite
a–C:H:Me films with dispersed NPs of controlled size and content. The matrix characteristics can be
tailored by controlling the gas flow within the discharge tube, the RF power and the grid voltage.
The nanoparticle source can deliver non-agglomerated spherical NPs whereas the quadruple filter
(MesoQ) can narrow the particle size distribution and pre-select monodisperse particles with nanometer
accuracy. AFM and TEM results testified towards the ability of particle size monitoring and were also
used to calibrate the deposition rate for controlled nanocomposite film compositions. The PECVD
system delivered an a–C:H matrix with 20–25% hydrogen content and sp3 content of about 50% as
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estimated through Raman spectroscopy. Hydrogenated amorphous carbon films with embedded
Ag or Ti NPs were deposited and exhibited very low coefficients of frictions (<0.05) and enhanced
nanoscratch resistance (up to +50%). This improved nanotribological response can be traced to the
reduced residual stresses, and the higher matrix ductility caused by the graphitization of the a–C:H
through the release of strain energy and the nanocomposite morphology that increases the toughness
of the material. These improved material systems retain their nanometer scale roughness and could be
potentially exploited for biomedical or other protective applications.
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Abstract: The deposition stability and homogeneity of microparticles improved with mask,
lengthened nozzle and flow rate adjustment. The microparticles can be used to encapsulate
monomers, before the monomers in the microparticles can be deposited onto a substrate for nanoscale
self-assembly. For the uniformity of the synthesized nanofilm, the homogeneity of the deposited
microparticles becomes an important issue. Based on the ANSYS simulation results, the effects of
secondary flow were minimized with a lengthened nozzle. The ANSYS simulation was also used to
investigate the ring-vortex generation and why the ring vortex can be eliminated by adding a mask
with an aperture between the nozzle and deposition substrate. The experimental results also showed
that particle deposition with a lengthened nozzle was more stable, while adding the mask stabilized
deposition and diminished the ring-vortex contamination. The effects of flow rate and pressure were
also investigated. Hence, the deposition stability and homogeneity of microparticles was improved.

Keywords: microparticle deposition; self-assembly; homogeneity; monomer synthesis; mask

1. Introduction

Aerosol-based microparticle deposition technology is very commonly used for film fabrication
process on a nanoscale [1–4], with several methods developed to deposit and pattern microparticles
on substrates [5–11]. The advantages of aerosol-based microparticle deposition include cost effective
equipment and the ability for microparticles to be made of various materials that are tailored to
different applications. The applications of microparticle deposition include xerography printing [12],
fuel-cell fabrication [13], electronic-element fabrication [14], film fabrication [15–18], peptide-array
synthesis [19–21], etc. Among these applications, the particle-based peptide-array synthesis technique is
a novel technique for microarray fabrication. It addresses solid amino-acid microparticles onto substrates
and synthesizes high-density peptide arrays. Compared with other peptide array fabrication methods,
the particle-based peptide array synthesis has higher spot density than SPOT synthesis [22] and is faster
than photolithography synthesis [23,24].

The aerosol for particle-based peptide array synthesis was generated using compressed air,
with the microparticles triboelectrically charged in turbulence. The charged microparticles will
be attracted to the electrical field generated by microelectrodes, before being deposited on the
microelectrode array in the desired pattern [19,25]. However, the same turbulence that generates
aerosol and triboelectrically charges the microparticles also result in inhomogeneity in the microparticle
deposition. Inhomogeneous microparticle deposition leads to unequal amounts of synthesized
peptide, which decreases the reliability of array analysis. Hence, stabilizing the turbulence to create
homogeneity in the microparticle deposition becomes an important issue. Although several studies
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have discussed how to pattern the microparticle deposition [5,7–10,26,27], stabilizing the aerosol
turbulence for homogeneous microparticle deposition has not yet been fully investigated.

In this study, the turbulence was stabilized with lengthened aerosol nozzles and masks.
A two-dimensional flow field simulation was used to investigate the ring vortex generated and
to explain why the mask can eliminate ring vortex. Furthermore, we also enhanced the microparticle
deposition stability and homogeneity by optimizing flow rates and pressures associated with
lengthened nozzles and masks. The results in this study will help to improve the deposition
homogeneity of particle-encapsulated monomers and hence, enhance the homogeneity of self-assembly
synthesized peptide nanolayers.

2. Experimental and Simulation Setup

2.1. Aerosol Generation and Deposition System

In this study, the aerosol generation and deposition system was developed by referencing previous
studies [25,28], which is shown in Figure 1. The system included an air compressor (JW-2525N,
JUN WEI, Taichung, Taiwan), dehumidifying filter and pressure regulator (MATFR401, Mindman,
Taipei, Taiwan), flow control valve (GRLSA-1/8-QS-6, Festo, Esslingen am Neckar, Germany), solenoid
valve (MHJ10-S-0,35-QS-4-MF, Festo, Esslingen am Neckar, Germany), microparticle reservoir (Falcon™
50 mL conical centrifuge tube, Corning, New York, NY, USA), micro sieve, flowmeter and our
custom-made nozzle. The nozzles were divergent pipes to allow for stabilization of the flow [29–31].
Polytetrafluoroethylene (PTFE) tube was chosen to connect the aerosol system for the triboelectrical
charge. Toner microparticles (Black, Xerox, Norwalk, CT, USA) were used for microparticle deposition
experiments. For the particle size, 50% of the particles were smaller than 6.016 μm and 90% of particles
were smaller than 8.309 μm [32]. Xeros Black particles were used in the study because the particle size is
similar to the expensive bioparticles [33]. The result of this study will be applied to create homogeneity
in bioparticle [11] deposition in the future. The deposited bioparticles can be addressed in different
methods and used for monomer synthesis, such as electrical fields from microelectrodes [19,25] or
laser [34–37], and can be used for several applications, such as antibody analysis [38] or surface
functionalization [39]. The microparticles were dehumidified in the desiccator with a molecular sieve
overnight before the experiment.

Dehumidifying filter 
and pressure 

regulator

Solenoid 
valve

Flow 
control 
valve

Micro 
sieve

Particle 
reservoir

Aerosol

Flowmeter

Nozzle Mask

Deposition 
substrate

Air 
compressor

0
5

10

10mm  3mm

Figure 1. Aerosol generation and deposition system.

To generate the microparticle aerosol, the high pressure air was generated by the air compressor,
which passed through the dehumidifying filter and pressure regulator. The air flow was controlled
using a flow control valve and solenoid valve. Following this, the regulated air flow entered the
microparticle reservoir and generated a microparticle aerosol with turbulence. After the agglomerated
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microparticles were broken up by passing through the micro-sieve, the microparticles were deposited
on the substrate. In this study, the effect of including the mask between the nozzle and substrate
was discussed.

2.2. Measurement and Analysis of Microparticle Deposition

To analyze the stability and homogeneity of the microparticle deposition, the area, symmetric
value and thickness of microparticle deposition were measured. The standard deviations σ of
these indexes were considered to be indexes of deposition stability in this study. In addition,
if the deposition is stable and symmetrical, the deposition homogeneity can be easily improved by
moving the deposition location. The area of microparticle deposition was calculated with Photoshop
(Adobe Systems Incorporated, San Jose, CA, USA). The pixel number of black (microparticle) and
blank (chip) area were calculated and converted to mm2 according to Equation (1):

Particle depopsition area =
nPart

nPart + nChip
× 400 mm2, (1)

where nPart represented the pixel number of microparticle area and nChip represented the pixel number
of chip area.

The symmetric value was evaluated by dividing the longest axis (L1) of the microparticle
deposition (Figure 2) by its shortest axis (L2), which is shown in Equation (2).

Symmetric value = L1/L2. (2)

Figure 2. Symmetric value measurement of the deposited particle pattern where L1: longest axis and
L2: shortest axis.

2.3. Simulation Method

The ANSYS FLUENT software (ANSYS, Canonsburg, PA, USA) was used to simulate the flow field
in nozzles with different lengths and the flow field of deposition with or without mask. The aerosol
flow field was considered as a single phase flow to simplify the simulation. The k-ε model was used to
simulate the flow field. Equation (3) shows the continuity equation, which describes the mass that
enters minus the mass that leaves the system. This is equal to the accumulation of mass in the system
where ρ is fluid density; U is the flow velocity vector field; t is time; and x is the length. Equation (4)
shows the momentum equation, which describes the relationship between acceleration of the gas and
the force where SM is the sum of body forces; p′ is a modified pressure; and μeff is the effective viscosity
accounting for turbulence. Equation (5) shows the Boussinesq buoyancy model in the k-ε model,
which is used to predict the buoyancy effects on production and destruction of turbulence where
Pkb is the buoyancy production term; μt is viscosity; ρ is fluid density; σp and β are constants; gi is
acceleration in xi direction; and T is temperature.

∂ρ

∂t
+

∂
(
ρUj

)
∂xj

= 0, (3)
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∂ρUi
∂t

+
∂
(
ρUiUj

)
∂xj

= −∂p′

∂xi
+

∂

∂xj

[
μeff

(
∂Ui
∂xi

+
∂Uj

∂xj

)]
+ SM, (4)

Pkb = − μt

ρσρ
ρβgi

∂T
∂xi

. (5)

3. Results and Discussion

3.1. Nozzle Length and Flowrate Effects on the Stability of Deposited Microparticle Layer

In the simulation, the nozzles were divergent pipes according to the experimental setup.
The nozzle length was set to 20-mm and 60-mm. The speed of air flow at nozzle inlet was 1 m/s
and the pressure at the nozzle outlet was 0. The simulation results are shown in Figure 3. The flow
direction was from left to right, so the speed values were shown as negative values.

(a) (b)

Figure 3. Fluid field simulation of different nozzle length, which was simulated by Fluent using: (a) 20
mm nozzle; and (b) 60 mm nozzle.

Figure 3a shows the simulation results of the 20-mm nozzle. When the air flow entered the divergent
pipe, the flow slowed down. The boundary layer was formed along the inner wall of the divergent pipe
due to flow viscosity. Flow along the inner wall influenced the flow closer to the nozzle center and formed
a secondary flow. About halfway through the divergent pipe, the flow speed near the inner wall was close
to zero, which might have occurred due to the formation of small vortexes. The simulation results also
showed that the flow speed at the nozzle outlet was between −0.3 and −0.1 m/s.

Figure 3b shows the simulation results of the 60-mm nozzle. When the air flow entered the
divergent pipe, the flow also slowed down. Since the nozzle was lengthened, the influence of boundary
layer on inner flow increased. Therefore, the flow speed at nozzle outlet was between −0.2 and
−0.1 m/s. The simulation shows that the flow-velocity distribution of 60-mm nozzle was more
uniform than that of 20-mm nozzle. The flow direction of 60-mm nozzle was also more consistent than
that of 20-mm nozzle. Hence, using 60-mm nozzle can result in more stable outlet flow compared to
using 20-mm nozzle.

For the nozzle length experiment, the parameters used in the experiment were the same as those
used in simulation. The air flow pressure, flow rate and distance between nozzle and substrate were
0.1 MPa, 5 L/min and 10 mm, respectively. Based on the flow rate and cross section of nozzle, the flow
speed was calculated as 1 m/s.

The experimental results are shown in Figure 4. For the 20-mm nozzle, the average microparticle
deposition area, standard deviation (σ) of deposition area and symmetric value were 137.683,
35.025 and 1.237 mm2, respectively. For the 60-mm nozzle, the microparticle deposition area, σ of
deposition area and symmetric value were 83.18, 15 and 1.152 mm2, respectively. The standard
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deviation of the deposition area with the 60-mm nozzle was smaller than that with 20-mm nozzle,
which indicated greater deposition stability of 60-mm nozzle over 20-mm nozzle. Furthermore,
the symmetric value of the deposition area with 60-mm nozzle was smaller than that with 20-mm
nozzle, which also means that the 60-mm-nozzle deposition was more symmetric and stable. This result
supports the simulation result that the 60-mm nozzle can stabilize the air flow and thus, the deposition.
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(X 100 mm2)
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=0.35
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Figure 4. Effects of nozzle length on particle deposition. Data are shown with mean ± SD (n = 3).

Since the 60-mm nozzle resulted in more stable microparticle deposition, we investigated the pressure
and flow rate effects on microparticle deposition with a 60-mm nozzle. The results are shown in Figure 5a.
Both deposition area and symmetric value increased with the flow rate. The increase of flow rate resulted
in turbulence, making the deposition unstable. Furthermore, the ring vortex (Figure 5b) appeared in
every deposition. The pattern of ring vortex in deposition center was round, but there was a ring-shaped
pattern outside. This is because the microparticles were blown away from the center. The ring vortex will
contaminate the deposition area and decrease the homogeneity of the deposition.

(a) (b)
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Figure 5. (a) Effects of pressure and flow rate on particle deposition with 60-mm nozzle. Data are
shown with mean ± SD (n = 3); and (b) Ring vortex.
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3.2. Mask for Removing the Ring Vortex and Enhancing Deposition Stability

To solve the ring vortex problem occurring during deposition, a mask with fixed aperture was
placed between nozzle and substrate, with the effects discussed with simulation and experiments.

The flow fields with and without mask using the 60-mm nozzle were simulated. The flow
speed at the nozzle inlet was 4.145 m/s, which was calculated from the 12.5 L/min volume flow rate.
The simulation results were shown in Figure 6. As the flow fields in our study are symmetric, we joined
two simulations into one diagram for more intuitive side-by-side comparison. The left panel displays
the simulation without mask, while the right displays the simulation with mask. The streamlines of
flow field could be considered as the moving tracks of microparticles.

Figure 6. Simulation of flow field on the chip surface with and without mask.

Without using the mask, when the air flow reached the substrate, the inner flow stopped at the
surface and the outer flow formed the ring vortex. The distribution area of flow field at the substrate
was smaller with the mask than without due to partial blockage of the flow by the mask. The part of
flow that generated the ring vortex was also blocked. Therefore, adding the mask resulted in smaller
but more stable microparticle deposition. For the speed of flow field, the flow speed was faster in
the periphery (2−3.1 m/s) than that close to the center. Therefore, the microparticles could be easily
dispersed in the peripheral outer area. With the mask on the substrate, the dispersion of microparticles
in the outer area was blocked and most of the deposited microparticles resulted from the stable flow in
the inner area.

The effect of masking was also examined with actual experiments. A mask with a round aperture
(radius of 4 mm) was placed between the nozzle and deposition substrate, which is shown in Figure 1.
The air pressure was 0.3 MPa and the flow volume was 10 L/min. The deposition area, symmetric
value and standard deviation (σ) are shown in Figure 7. With the mask, the average deposition area,
σ of deposition and symmetric value were respectively 109.33, 18 and 1.044 mm2. Without the mask,
the respective values were 157.67, 60 and 1.337 mm2. The smaller σ of deposition area indicates that the
deposition with the mask was more stable. The symmetric value with mask was closer to 1, which also
means that the deposition was more stable than the deposition without the mask. The difference
between area with and area without the mask was not significant.
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Figure 7. Particle deposition stability with and without mask. The pressure was 0.3 MPa; flow rate was
10 L/min; and distance was 10 mm. Data are shown with mean ± SD (n = 3).

3.3. Effects of Mask Size, Pressure, and Flow Rate on Microparticle Deposition Stability with Mask

Since the mask can stabilize the microparticle deposition, the effects of mask size, pressure
and flow rate on microparticle deposition with the mask were investigated to further enhance the
deposition stability.

3.3.1. Effects of Mask Size

The experimental results of microparticle deposition with different aperture sizes were shown
in Figure 8. For the aperture radii of 3−5 mm, the average deposition area was 44.529, 80.099 and
120.105 mm2, while the σ of deposition was 7.131, 8.116 and 30.045. The air flow through the mask still
generated minor turbulence between the mask and substrate. The amount of air that passed through
increased with mask aperture, with a corresponding increase in turbulence. The small mask aperture
allowed less air to pass, with more stable and smaller deposition.

Figure 8. Effects of aperture size on particle deposition stability. Data are shown with mean ± SD (n = 3).
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3.3.2. Effects of Pressure and Flow Rate

The aperture with a 3 mm radius resulted in most stable microparticle deposition. Hence,
we investigated pressure and flow rate effects on deposition with a 3 mm aperture (Figure 9) and also
compared the results against deposition without masks (Figure 5). The symmetric value of deposition
with mask was closer to 1 than that without mask, so the mask did stabilize the microparticle deposition.
On the other hand, the higher pressure and flow rate resulted in larger deposition area, since more
microparticles were pumped out by higher pressure.
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Figure 9. Effects of different pressures and flow rates on particle deposition with mask. Data are shown
with mean ± SD (n = 3).

3.4. Particle Deposition in Initial Condition and after Optimization

Figure 10 shows the particle deposition under the initial conditions and after optimization.
The deposition with a 6 mm aperture mask and low flow rate (Figure 10b) is more symmetric and
stable than the deposition without the aperture and high flow rate.

(a) (b)

Figure 10. Particle deposition before and after optimization: (a) without mask at a flow rate of 12.5 L/min
and (b) using mask with 6 mm aperture at a flow rate of 7.5 L/min.

4. Conclusions

The experiment and simulation results showed that a longer nozzle can reduce the effect
of secondary flow and can make the microparticle deposition stable and thus, homogeneous.
Increasing the pressure and flow rate generated turbulence and ring vortex, resulting in instability in
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the deposition. Using the mask can prevent the ring vortex from contaminating the deposition and
stabilize the deposition. The mask with a 6 mm aperture had the most stable deposition, since there
was more turbulence generated than when other masks were used. With a 6 mm aperture, decreasing
the pressure or decreasing the flow rate increased the deposition stability. The experimental conditions
that had the most stable deposition used a mask with a 6 mm aperture, 5 L/min flow rate and 0.15 MPa
pressure. These results can facilitate the applications that need stable and homogeneous microparticle
deposition, which will thus ensure the uniformity of microparticle-based nanolayer synthesis.
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Abstract: Passive sampling systems (PASs) are a low cost strategy to quantify Hg levels in air
over both different environmental locations and time periods of few hours to weeks/months. For
this reason, novel nanostructured materials have been designed and developed. They consist of
an adsorbent layer made of titania nanoparticles (TiO2NPs, ≤25 nm diameter) finely decorated
with gold nanoparticles. The TiO2NPs functionalization occurred for the photocatalytic properties
of titania-anatase when UV-irradiated in an aqueous solution containing HAuCl4. The resulting
nanostructured suspension was deposited by drop-casting on a thin quartz slices, dried and then
incorporated into a common axial sampler to be investigated as a potential PAS device. The
morphological characteristics of the sample were studied by High-Resolution Transmission Electron
Microscopy, Atomic Force Microscopy, and Optical Microscopy. UV-Vis spectra showed a blue shift
of the membrane when exposed to Hg0 vapors. The adsorbed mercury was thermally desorbed for a
few minutes, and then quantified by a mercury vapor analyzer. Such a sampling system reported
an efficiency of adsorption that was equal to ≈95%. Temperature and relative humidity only mildly
affected the membrane performances. These structures seem to be promising candidates for mercury
samplers, due to both the strong affinity of gold with Hg, and the wide adsorbing surface.

Keywords: TiO2NPs; AuNPs; photocatalysis; mercury vapors adsorbing layer; PAS device

1. Introduction

A thin film is commonly thought of as a layer with a thickness ranging from fractions of one
nanometer to several micrometers; however, it is difficult to draw a border line between thick and thin
films on the basis of their thickness, overall when the film is a nanocomposite or hybrid structure [1,2].
When a layer is designed to selectively adsorb gas or VOCs (volatile organic compounds), it has
to be both chemically (to favor more specific interaction forces between adsorbent and adsorbate)
and physically (to increase the number of the adsorbing sites, e.g., by acting on roughness and
porosity) treated. The surface layer in contact with the environment is the main responsibility of the
adsorbing process, and the relationship between the gas phase concentration and the adsorbed phase
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concentration at a constant temperature is reported as an adsorption isotherm, whereas the shape
depicts the affinity relationships between the adsorbate and the absorbent [3]. Therefore, most of the
chemical sensors and samplers for monitoring mercury in the atmosphere have been designed with
these features taken into account. Mercury is a toxic pollutant, and it is considered by WHO (World
Health Organization) as one of the top 10 chemicals of major public health concern [4]. It is continuously
traveling through water, soil, and atmosphere, in various forms, to different parts of the world, and it
is commonly emitted from both natural sources, as volcanoes, wildfire, and soil, and human activities,
as fossil fuel burning, waste incineration, power plants, and artisanal mining [5,6]. There is a huge
and quickly growing body of scientific literature on the distribution of mercury in several ecosystems:
atmosphere is the principal transport pathway of Hg emissions, whereas soil and water play a
significant role in the reallocation of Hg in several ecosystems [7]. Mercury in the atmosphere can be
carried as gaseous elemental mercury (GEM) and gaseous oxidized mercury (GOM), which together are
named as total gaseous mercury (TGM, Cmean: ≈ 1.4 ± 0.15 ng m−3) and particle-bound mercury (PBM).
Among them, GEM holds the most long atmospheric residence time (≈1 year) due to the relatively high
vapor pressure and inertness to atmospheric oxidation [5,8]; conversely, GOM and PBM have much
shorter atmospheric stays, being put down closer to their source locations [9,10]. Adsorbents based
on sulfur-treated carbons, alumina, and zeolites, have been among the most commonly investigated
materials that are able to capture mercury from the environment [11]. More recently, ZnS nanoparticles
(NPs) have been developed and variously implemented as alternatives to remove Hg0 from polluted
environments [12]. The strong affinity between heavy metals (e.g., mercury) and noble metals, such
as gold and silver, has been also investigated in literature as a suitable strategy to capture and reveal
such a pollutant in air. Therefore, a series of filters, and detecting systems exploiting such features,
have been designed to remove and detect, respectively, these pollutants within the environment.
Specifically, when a removal process is required, as well as the detection of a very low concentration,
cartridge-like structures with a high surface-volume ratio are preferred [13,14], and large amounts
of volumes containing the pollutant are fluxed throughout the cartridge/filter, entrapping it inside.
Conversely, when real-time detection or diffusion processes are investigated, thin film structures
are commonly preferred. Both sensors and adsorbing devices based on metal thin films, and more
recently, porous or nanostructured, have been reported in literature [15–17]. Nanostructured thin film
layers, made with nanoparticles, are preferentially assembled in ordered structures, conforming to the
surface with precise control over chemical and physical properties, in reproducible scaffolding. Some
examples of deposition techniques that are commonly used include the electrodeposition of metal oxide
and metal nanoparticles [18], the deposition of nanoparticle monolayers via the Langmuir Blodgett
technique [19], sol–gel chemistry-based deposition of nanoparticles [20], layer-by-layer dip coating [21],
in situ synthesis of nanoparticles using polymeric thin films as templates [22,23] self-assembling [24],
and electrospray [25]. Further, depending on the functionalization or charges on the nanoparticle (NP)
shells, ordered thin layer or 3D structures can also be designed by drop-casting, which is one of the
simplest and cheapest deposition techniques [26,27], even if it is rarely able to assemble homogeneous
layers, especially on large surfaces, mainly due to differences in evaporation rates through the substrate,
or concentration fluctuations that can lead to variations in internal structure and film thickness. When
the substrate is a porous matrix, the dropped nanocomponents, depending on their affinity to the
surface, can penetrate and decorate the pores’ surfaces, thus assuming a peculiar 3D-structure that is
more or less conformal to the substrate scaffold. Such a porous layer, comprising interconnected void
volumes and high surface-area-to-volume ratio, facilitates gas and VOC diffusion through its bulk, as
well as gas/VOC adsorption onto its binding sites.

In the present study, highly pure quartz (SiO2) microfibrous filters have been used as suitable
substrates decorated with a nanocomposite material by dropping, capable of adsorbing, and then
quantifying vapors of mercury from the atmosphere, as a promising thin structure for passive air
sampler (PAS). The latter are generally designed to be cheap, simple to operate, and to work without
electricity. For mercury analysis, the most basic requirement is that a PAS is able to sorb a sufficient
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amount of mercury for accurate and precise quantification. The peculiarity of the passive samplers
relies on unassisted molecular diffusion of gaseous agents (i.e., volatile vapors of elemental mercury)
through a diffusive surface onto an adsorbent material. Unlike active (pumped) sampling, passive
samplers require no electricity (expensive pumps), have no moving parts, and are simple to use
(no pump operation or calibration). After sampling, the adsorbed mercury should be desorbed off
the adsorbent by solvent (chemical procedure) or thermal desorption (physical procedure). Passive
samplers have to be commonly compact, portable, unobtrusive, and inexpensive. They are able to
give information on the average pollution levels over time periods of a few hours, to weeks/months.
They do not require supervision, and can be used in hazardous environments. Passive samplers
have been designed, using a variety of synthetic materials (like sulfur-impregnated carbon (SIC),
chlorine-impregnated carbon (CIC), bromine-impregnated carbon (BIC), gold-coated sorbents (GCS),
etc.) and housings for Hg collection [28,29]. Activated carbon is suggested to be the most suitable
sorbent material for PASs, since it is low cost and provides a large surface area [30]. On the other hand,
the amalgamation between Au and Hg is also considered as an effective alternative strategy to design
mercury samplers, even if it is not very popular since more expensive [28]. However, a large variety
of materials based on nanotechnology have already been applied for this purpose, even if the state
of art in those nanomaterial-based passive samplers is still in the early stages [31–37]. Sampling rate
and adsorption capacity are the two key factors to evaluate the performance of a passive sampler.
The PAS sampling rate depends on the shape of the sampler, and it is affected by meteorological
factors [38–40]; meanwhile, the adsorption capacity depends on the affinity between the adsorbate and
adsorbent, as well as the adsorbing layer structure (i.e., specific surface area, pore size distribution and
number of binding site), and it is affected by temperature and potential chemical interferents in the air.
All of these samplers work on the basis of diffusion. Most commercially available passive/diffusive
samplers are planar or axial in shape [31]. Commonly, the adsorbing matrix is disk-shaped structured,
with different thicknesses and porosities. Alternatively, they can have a radial shape, consisting of a
columnar sorbent surrounded by a cylindrical diffusive barrier, with the purpose of increasing the
sampling rate by maximizing the surface area across which diffusion occurs (Radiello® [41]). Other
passive samplers for mercury vapor collection on the basis of diffusion have been constructed using
a variety of synthetic materials (i.e., gold and silver surfaces, and sulfate-impregnated carbon) and
housings [31,39,42].

In this work, an alternative approach adopted in the place of conventional ones has been described,
designing onto a SiO2 micro-fibrous filter, a coating (partially penetrated inside the filter) made of an
aggregation of densely packed nanoparticles of TiO2 finely decorated with smaller nanoparticles of
gold AuNPs. Such a layer was achieved by exploiting the capability of TiO2 (anatase) to photoreduce
aqueous HAuCl4 into elemental gold when irradiated with UV-light [43]. Furthermore, when a
polymer (e.g., polyvinylpyrrolidone, PVP) was added to the HAuCl4 aqueous solution, globose gold
nanoparticles could be grown onto the metal oxide particles, obtaining a nanocomposite material
with promising properties in adsorbing mercury from the atmosphere. These novel nanocomposite
structures have here been considered as being very attractive adsorbing layers for passive sampling,
due to both the strong affinity between mercury and gold, wide adsorbing surface due to the nanosize
of the materials (expected high efficiency and lifetime), the robustness of the materials and the chance
to use them for many times, thus avoiding the spread of waste materials into the environment.

2. Materials and Methods

All chemicals were acquired from Sigma Aldrich (Milan, Italy), and used without further
purification: polyvinylpyrrolidone (PVP, Mn = 1,300,000 g/mol), titanium (IV) oxide (anatase, ≤25 nm
diameter, Sigma Aldrich, Milan, Italy) and gold (III) chloride hydrate (HAuCl4, 99.999%). Ultrapure
water (5.5 10−8 S cm−1) was produced by MilliQ-EMD Millipore. Quartz slice filters (WhatmanTM,
Little Chalfont, UK) were 400 μm thick, and 2 cm wide with ≈2 μm pore size and ≤3 μm fiber diameter.
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Titanium (IV) oxide (anatase) were suspended in an aqueous solution of PVP/ HAuCl4 for
preliminary investigations (600 mg TiO2/ 60 mL PVPaq/ 0.03 mg HAuCl4). Such a suspension was
UV-irradiated for 1 hr (365 nm, Helios Italquartz, Italy), thus changing the color from yellow to
blue-violet, and subsequently centrifuged and rinsed with water at least three times to remove PVP
excess (Thermo Scientific SL16R 230V, Langenselbold, Germany; T: 4 ◦C; t: 15 min (×3); RCF: 5000
g). The resulting precipitated was vortexed, diluted with a few cc of ultrapure water, and deposited
on the quartz slices by drop casting using a customized mask of Teflon® (d: 11.25 mm, ≈10 mg), then
heated to 80 ◦C, and finally to 450 ◦C under a clean air flow, in order to remove both possible traces of
polymer and mercury absorbed during preparation.

The nanostructured layers were analyzed by UV-Vis spectrophotometry (Spectrophotometer
UV-2600, Shimadzu, integrating sphere ISR-2600Plus, Duisburg, Germany) before and after gold
nano-functionalization, and by AFM (Nanosurf Flex-AFM, Liestal, Switzerland), which captured the
layer surface images in tapping mode using 190Al-G tips, 190 kHz, 48 N/m.

Powder samples for transmission electron microscopy (TEM) measurements were gently
grounded in an agate mortar, dispersed in isopropyl alcohol, sonicated for 10 minutes, and dropped
onto a holey-carbon coated copper TEM grid. TEM and scanning transmission electron microscopy
(STEM) analysis were performed by a ZEISS Libra 200FE microscope (Oberkochen, Germany) after
complete solvent evaporation overnight in air. The size distribution were manually calculated counting
more than 400 NPs by iTEM software (Olympus SIS, Muenster, Germany).

Optical micrographs were provided by Zeiss Axiophot Stereomicroscope equipped with a color
videocamera (Axio Cam MRC, Wexford, Ireland) using a computer assisted image analysis system
(AxioVision, Wexford, Ireland). The side-view of the quartz slice coated with AuNPs/TiO2NPs film
was provided by a Portable USB Digital Microscope 1×–5000× Magnification Mini Microscope Camera
(1x-5000X, Bangweier, Guangdong, China) by placing the sample between a microscope slide and a
base support: the remaining floating sample was 45◦ tilted and displayed in the same picture.

A prototype of thermal desorption system was also planned in CNR-IIA and developed (Spaziani
Rolando, Italy) in order to be connected to the most commons analytical systems of mercury. The
prototype was manufactured in quartz and housed in a heater system (De Marco Forneria, Italy) to
allow the fast desorption of the Hg0 adsorbed on the thin layer of the nanostructured material, flowing
pure (Air 5.0, Praxair-Rivoira, Italy) throughout the desorption chamber.

Mercury Vapor Analyzer Tekran 2537A (Tekran Instruments C., Toronto, ON Canada) was
used to quantify the mercury desorbed from the nanocomposite film. The exposure of the
adsorbing layers to injected volumes (μL) of mercury vapors (Tekran 2505, Mercury Calibration
Unit) were carried out within customized sealed Duran glass samplers (V: 8.5 mL) to study the
efficiency of the membrane. Conversely, the AuNPs-TiO2NPs adsorbing discs were placed into
customized glass samplers with diffusive caps (nylon membrane) for sampling rate calculation, and
deployed with concentrations of mercury in relative humidity (%RH)- and temperature (T)-controlled
measuring rooms. Such measuring rooms were monitored by the mercury vapor analyzer and
a humidity-temperature transmitter (Relative Humidity and Temperature Probe HMP230, Vaisala
Corporation, Helsinki, Finland).

3. Results and Discussion

Exploiting the photocatalytic properties of TiO2, gold nanoparticles were selectively grown under
UV light irradiation on titania nanoparticles through the photoreduction of HAuCl4 in the presence of
an organic capping reagent (PVP). The light yellow-colored aqueous suspension of TiO2NPs containing
HAuCl4 and PVP when exposed to UV-light irradiation for 1 hr under magnetic stirring assumed
a blue-purple color, due to the formation of gold nanoparticles (Figure 1). Subsequently to the
centrifugation and then the resuspension of the pellet by ultrapure water, known amounts of the
heterogeneous mixture, under stirring, were picked up and deposited onto several substrates to be
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characterized. Before each morphological and physical-chemical measurements, the samples were
heated at 450 ◦C per 1 hr to eliminate the PVP traces and the potential mercury adsorbed.

Figure 1. Functionalization of TiO2 nanoparticles by UV-irradiation in a 0.1 M PVP
(polyvinylpyrrolidone) aqueous suspension.

Due to the inhomogeneity of the film, all the spectra here depicted were carried out only over
a selected area of the Au/TiO2NPs film coating a flat substrate (SiO2 wafer). The sample reported a
reflectance minimum (about 15%) at 550 nm wavelength, thus confirming the growth of metal gold
on the TiO2 nanoparticles, and another stronger signal, with an onset at 380 nm, related to the charge
transfer from the valence band to the conduction band of the titania nanoparticles [44]. The UV-Vis
diffuse reflectance spectrum is depicted in Figure 2. The broad band (550 nm) was attributable to
the characteristic localized surface plasmon resonance (LSPR) band of AuNPs, ranging between 500
and 600 nm [45,46]. This visible band was presumed to arise from the combined oscillations of the
valence electrons confined in a cage of nanometer dimensions [47]: the position and shape of the
surface plasmon band is affected by many parameters, including the dielectric constant of the medium,
the particle size and shape and the coulomb charge of the nanoparticle. When AuNPs are joined to
metal oxides, such as TiO2, the material appears to be purple-brown colored, due to the characteristic
surface plasmon band of gold.

Figure 2. UV-Vis diffuse reflectance spectrum of AuNPs/TiO2 layer in 270–670 nm wavelength range.

However, the minimum value of the reflectance band could be blue- or red-shifted, depending
on the value of the average size of particles (i.e., the peak absorbance wavelength increases with
particle diameter), as their aggregation (which is enhanced by a red-shift in the spectrum, as well
as the broadening of adsorption peaks, and a decrease in peak intensities), functionalization, and
inter-particles distance [48]. In literature, it was observed that the surface plasmon oscillation of gold
nanoparticles in a suspension red shifted from ~520 to 530 nm as the particle diameter increased from
5 to 40 nm [49].

Both AuNP shape and size should be mainly related to the PVP concentration (the capping
agent) and UV-light intensity, respectively [43,50] over the photocatalytic process. Specifically, the
average particle size decreases as the intensity of the light increases. This effect of light intensity on the
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gold particle size could be very general, and it could be used to tune the average particle size to the
optimum value when preparing Au/TiO2 using this route. Additionally, both the size and the number
(or density) of the nanoparticles can increase directly with the duration of irradiation.

The gold nanoparticle size distribution of the sample (Figure 3b) was centered around the mean
value of 32.6 nm (70% of NPs ranging between 5 to 40 nm). A STEM micrograph (Figure 3a) showed
a good particle dispersion onto the support (Figure 3b), whereas the HRTEM (High-Resolution
Transmission Electron Microscopy) ones (Figure 3c,d) revealed well-shaped and highly crystalline
gold nanoparticles that were in intimate contact with the anatase crystalline support (AuNPs appear
slightly darker with respect to the anatase support). Interestingly, the gold NPs shared similar sizes
with the support grains, assembling together into homogeneous aggregates.

Figure 3. (a) A representative STEM micrograph of an Au/TiO2 anatase sample at low magnification—
AuNPs (gold nanoparticles) appear brighter over the greyish support; (b) AuNPs size distribution
and representative HRTEM (High-Resolution Transmission Electron Microscopy) micrographs of (c) a
gold NP and (d) a AuNP/TiO2NPs cluster where a AuNP appears rounder and slightly darker than
anatase ones.

Exploiting the properties of gold nanostructures due to the mercury adsorption, miniaturized
sensing devices were demonstrated to be able to detect picograms of mercury in the air, like
gold-microcantilevers [16] by changing their resonant frequency in real time. Au-TiO2NPs deposited
onto gold electrodes have been investigated as electrochemical sensors to detect Hg (II) in water [51].
Nanocomposite sensors made of titania nanofibers decorated with gold nanoparticles showed a limit
of detection of 6 pptv (parts per trillion by volume) and 2 pptv, respectively, depending on the strategy
of sampling [52]. Furthermore, devices based on resistivity changes in very thin gold films are also
commercially available (Jerome® J405 mercury vapor analyzer) with a 0.01 μg m−3 resolution and a
750 ± 50 cc min−1 flow rate [53]. In the case of passive samplers, gold nanostructures have been used,
for instance, by deploying very thin gold electrodes (50 nm) to Hg0 for 100 min, and then measuring
the changes in resistance (Limit of Detection, LOD: 1 μg/m3): in this case, the analysis was provided
by the same device [54]. Mercury also induces changes in the optical properties of gold films [55].
Exploiting this feature, in literature, porous glass discs were coated with AuNPs, showing a linear
range within 0.1–15 ng Hg0 and a LOD of 0.4 ng [56]: the exposure to Hg0 caused a color change from
red to violet-purple.

Here, the AuNP–TiO2NP layer was exposed to a known concentration of elemental mercury
vapors (14 mg/m3) at increasing time (room temperature, 35% RH).

The diffuse reflectance spectra (Figure 4A) depicted an apparent wavelength blue shift of ≈ 2.7
nm after 15 min of exposure, up to ≈ 4.6 nm, and ≈ 6.6 nm after 60 and 120 min, respectively, according
to a non-linear curve (Figure 4B), suggesting a quicker process initially and slower afterwards, also
reported in literature [57]. A possible explanation has been provided by Mie theory [58]: since mercury
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is expected to be adsorbed strongly onto gold surface and Au is more electronegative than Hg (2.5 and
2.0, respectively) [59], mercury may be able to donate the electron density to gold NPs [60] causing
the surface plasmon mode to blue-shift [58]. The related changes (0.1%) in reflectance, which seem
to increase with dependence on the exposure time (up to 60 min), may be due to the change of the
refractive index for mercury entrapment inside the nanocomposite layer [49].

Figure 4. Comparison of UV-Vis diffuse reflectance spectra of AuNPs/TiO2 layer in a 450–650 nm
wavelength range at different exposure times to Hg0 vapor pressure at 20 ◦C and 35%RH (A); a curve
plot depicting the wavelength values of the AuNPs/TiO2 layer at increasing exposure time to Hg0 (B).

Similarly, a coating dispersed on a fibrous quartz surface of about 0.99 × 102 mm2 was achieved
by slowly dropping hundreds microliters of the aqueous suspension through a suitable mask, defining
the area to be covered, and allowing water in excess to flow away through the disk filter. After
deposition, the layer looked quite compact and it conformed to the quartz disc surface (Figure 5).
The coating penetrated inside the quartz filter for about 25% of its thick layer, confirmed by the color
change of cross filter section in Figure 5, right. Optical micrographs show that the composite film was
conformal to the microfibrous surface of the supporting scaffold (Figure 5, inset), keeping its roughness
characterized by valleys and overhangs.

Figure 5. (Left) Drop deposition of TiO2/AuNPs aqueous suspension; top view (middle) and side
view (right) of the resulting disc. The inset depicts an optical magnification of the film surface.

Such a layer, since partially withheld by quartz microfibers, was stable and easy to be handled
without suffering apparent damages or detachment. Figure 6 presents Atomic Force Microscope (AFM)
surface topography images of the functionalized quartz filters. The coating surface showed a rough
material provided of different sized grains (Ra: 5.4 ± 1.4 nm, average roughness) with ridges and
valleys conforming to the fibrous substrate (Figure 6a). At higher magnification (Figure 6b,c), grains
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(Ra: 140 ± 85 nm) appeared densely packed with a series of void spaces (darker areas), due to their
uneven boundaries.

 

Figure 6. Atomic Force Microscope topography images of the quartz filter surface coated with a
TiO2/AuNP layer, at different magnifications.

In order to calibrate the adsorbing membrane to mercury vapors, the adsorbing disc was placed
on the bottom of a suitable sealed glass chamber that was 2.5 cm height, and with a volume of 8.5 mL,
where increasing amounts of Hg0 vapors (μL) were injected by a gas-tight syringe at ~20 ◦C (under dry
air). The injected volumes were selected to lower the experimental error as much as possible. Further,
each amount was first theoretically estimated and then experimentally measured by injection into the
analytical instrument. Finally, the disc was subjected to thermal desorption under an air flow that
collected the desorbed mercury and delivered it to the mercury analyzer. In Figure 7, the adsorbed
mass of Hg0 versus the exposure time is reported. It was noted that 15 min of film exposure appeared
to be sufficient to adsorb 90% of the injected mass. However, all of the estimated injected mass values
were not completely adsorbed, even after an hour, probably due to the partial nonspecific sorption of
mercury to the glass container.

Figure 7. Adsorption curve of a known amount of injected Hg0 vapors (C: 0.235 ng/mL) versus
exposure times ranging between 15 and 60 min.

Therefore, to investigate the effects of humidity and temperature, further measurements of
adsorption at different Hg0 vapor concentrations were carried out by exposing the same membrane to
the pollutant just for 15 min. The relative humidity changes were controlled and generated by a mass
flow controller flowing dry air, and increasing the concentrations of the water vapors throughout the
measuring chamber. Temperature values were provided by dipping the measuring chamber into a
thermal bath. In order to obtain the membrane performances at −20 ◦C, the measuring chamber was
put into a fridge at −20 ◦C. After exposure to Hg0 by injection (15 min) the sample was resumed and
desorbed for quantification. Experimental results reported a slight increase of the adsorbed mass when
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the relative humidity increased up to 70% RH (relative humidity) within the measurement chamber.
Specifically, when 645 pg of Hg vapor were injected into the differently humidified measuring chamber,
the nanostructured material was slightly affected by the water molecules, improving entrapment by
an additional amount of 0.4 ± 0.01 pg of the analyte per %RH unit (Figure 8, right).

Figure 8. Plots depicting the desorbed mercury from a AuNP/TiO2NP film upon exposure, within a
sealed glass vessel that is similar to the passive sampler (PAS) container, to: (left) a known mass of
Hg0 vapor (about 652 ± 0.01 pg) when temperature of the sampler changed (ranging between −20
and 60 ◦C; dry air); (right) a known mass of Hg0 vapor (about 645 ± 0.01 pg) when the %RH in the
sampler changed (ranging between 5% and 70% relative humidity; room temperature). Each point
in both the graphs is the resulting mean value from 5-times repeated-measures (error bars depict
standard deviations).

Notably, when %RH was ranging between 50–70%, the desorbed values oscillated between
0.632 ng and 0.656 ng, i.e. they increased the values spread, and then the error. Similarly, temperature
also slightly affected the analyte adsorption onto the PAS membrane, since the curve slope increased
by 0.62 pg per Celsius degree over a thermal range of −20–60 ◦C when approximately 645 pg Hg0

mass was injected (Figure 8, left).
Injected mercury vapor mass values were compared to the amount of Hg0 that was actually

adsorbed onto the exposed layer, in order to value its efficiency. Such a parameter was measured
by adding a few microliters containing increasing masses of Hg0 vapor into the measuring chamber
at room temperature and in dry air. Five replicate measurements were provided for each injection.
Upon a 15 min-deployment time, the adsorbing disc was thermally desorbed, and the collected
vapors were delivered to the analytical instrument and then measured. The linear relationships
between the mass injected and the mass adsorbed until 10 ng were depicted in the plot of Figure 9,
suggesting a high absorbance of the nanostructured material. The affinity between mercury and the
nanostructured material was confirmed also by the slope value of the linear fitting (S: 0.950 ± 0.005,
R2: 0.998) calculated on 15 min of sampling per each step. The mercury adsorbed mass when the disc
was exposed to saturated mercury vapors for 18 h (T: 20 ◦C) was estimated to be more than 15 μg,
confirming that such a thin layer was a very highly sorbent device for mercury.
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Figure 9. Adsorption curve of mercury vapors (measured as PAS-desorbed mercury) at increasing
injected amounts of mercury vapors (ng).

Samples were completely restored after dozens of cycles of measurements, confirming the
potential to use the same sample for many exposures. The functioning of the diffusive samplers
is based on the movement of the contaminant molecules across a concentration gradient. In the
collecting device (the case of a passive sampler, Figure 10) the contaminants diffuse from an area of
higher concentration towards an area of lower concentration. According to the first Fick’s Law, the
rate at which the chemicals diffuse is represented by the following formula:

Q = D
(

A
L

)
C t, (1)

where Q is the amount of the sample collected (ng), D is the diffusion coefficient (cm2/min), A is the
cross-sectional area of the diffusion path (cm2), L is the diffusive path length (cm), C is the airborne
concentration (mg/m3) and t is the sampling time (min). Each contaminant has its own diffusion
coefficient that is determined by its unique chemical and physical properties. The A/L parameter is
determined by the sampler’s geometry; the product of D (A/L) is the theoretical sampling rate of a
diffusive sampler for a specific compound (e.g., elementary mercury).

Figure 10. Prototype of mercury passive sampler comprising a diffusive membrane (particulate filter),
the fibrous disc coated with AuNP/TiO2NP (sorbent material), and a borosilicate vessel allowing the
axial diffusion of Hg0 from the cap to the bottom. The O-ring stops the disk on the tube bottom.

In order to experimentally evaluate the sampling rate (SR) of the proposed passive sampler,
a useful method is given by the use of the empirical equation (2) [28]:

SR = Q/(Ct) (2)
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where Q is the amount of the adsorbed mercury (ng), C is the exposition concentration (ng m−3), and
t is the deployed time (days) of the sample, named as PS. In our case, several measurements have
been performed, exposing three passive samplers (PS1, PS2, PS3) at three different vapor mercury
concentrations for 3, 7, and 15 days of sampling time. All of the measurements were performed in
three measuring chambers, where three different ambient vapor mercury concentrations, of 1.2, 3.5,
and 4.5 ng m−3, were kept constant. As previously mentioned, the PAS device here described works
exploiting the unassisted axial diffusion process of the mercury vapor through the diffusive membrane,
along the glass vessel (diffusion path), up to the adsorbing film placed on the vessel bottom. This PAS
comprises a see-through borosilicate vessel, a cap made of a nylon membrane for gas diffusion and
particulate stopping, a locking ring to keep the adsorbing membrane to the vessel bottom, and finally
the adsorbing membrane (the violet discs in Figures 10 and 11). The PAS fabrication was easy and quite
reproducible, since all of the membranes that were decorated by a given volume of the suspension,
reported the same weight (10.00 ± 0.25 mg), obviously with the uncertainty (2.5%) generated by the
deposition technique and by the irregularity of the hosting substrate. The resulting nanostructures
looked very stable, since they were partially entrapped inside the filter and did not appear to be
decolored or scratched, even after 1 year of measurements. The pictures in Figure 11 shows a batch
of the fibrous quartz discs decorated with the AuNP–TiO2NP layers, and their placement into the
device in order to be characterized as potential PAS for mercury. Each adsorbing disc was mercury
thermally desorbed before (to have a clean substrate) and after (to measure the concentration in air)
each exposure, and the desorbed vapors were delivered to the analytical instrument. Commonly,
10 min of heating was sufficient to both restore the adsorbing disc, and to measure the amount of
Hg0 that was adsorbed throughout the deployment time. For each measure, quartz discs were heated
under clean and dry air flow until the Tekran Analyzer displayed values of Hg0 that were close to zero.

Figure 11. A fabrication step of the PAS devices: many of AuNPs-TiO2/quartz discs drop-deposited
and placed in an oven to facilitate the solvent evaporation (A); the placement of the adsorbing disc on
the borosilicate vessel bottom (B); the PAS device with the particulate filter mounted (C).

After each exposure, using Equation (2), the sampling rate (SR) of each passive was calculated,
and the relative results were reported in Table 1.
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Table 1. Passive devices sampling rate values.

Sampler
(1)Hg0 Vapor

Concentration (ng/m3)
Hg0 Adsorbed

Mass (ng)
Exposure Time

(days)
Sampling Rate

(m3/days)

PS1 3.5 0.140 3 0.013
PS2 3.5 0.143 3 0.014
PS3 3.5 0.144 3 0.014
PS1 1.2 0.124 7 0.015
PS2 1.2 0.124 7 0.015
PS3 1.2 0.116 7 0.014
PS1 3.5 0.357 7 0.015
PS2 3.5 0.355 7 0.014
PS3 3.5 0.359 7 0.015
PS1 4.5 0.463 7 0.015
PS2 4.5 0.471 7 0.015
PS3 4.5 0.452 7 0.014
PS1 1.2 0.279 15 0.016
PS2 1.2 0.272 15 0.015
PS3 1.2 0.269 15 0.015
PS1 3.5 0.727 15 0.014
PS2 3.5 0.736 15 0.014
PS3 3.5 0.720 15 0.014
PS1 4.5 0.978 15 0.014
PS2 4.5 0.962 15 0.014
PS3 4.5 0.951 15 0.014

1 measured by TEKRAN 2537A unit, the temperature was 24 ◦C (with a fluctuation of 1 ◦C), and the RH% was 40%
(with a fluctuation of 2%) over the whole experiment.

The mean value of sampling rate was estimated to be 0.014 ± 0.0007 (m3/day). Figure 12 depicts
the SR values related to the exposure to increasing concentrations of mercury vapors. The reported
error bars are referred to the standard deviation (SD) of uncertainty, showing a low dispersion of
the overall values at increasing concentrations. In literature, generally depending on the range of
environmental mercury concentration to be monitored, several PASs have been designed with different
SRs [28], ranging from 0.00031 m3/day based on gold-coated silica placed in an axial tube without
diffusive membrane [61], to 0.13 m3/day based on sulfur-impregnated activated carbon (axial tube,
no diffusive membrane) [38,42], and to 6.6 m3/day based on gold-coated quartz fiber filters [62].
Furthermore, since SRs are commonly affected by environmental conditions (strong wind, pressure,
proximity to the coast or to desert and sandy areas, rain), protective shells have also been also used,
improving the reliability of the measurements (SR: 0.121 ± 0.005 m3/day) [63]. Physically, SR quantifies
the volume of air that is effectively stripped of the pollutant per unit of time. As previously described,
it depends on the diffusion coefficient of the compound in air, but also on other parameters as the
diffusive path length of the PAS device: by changing parameters as the length or the quality of the
diffusive barriers, SR can be modulated. Thus, higher SR values are commonly preferred when
very low-polluted environments may be measured with a certain accuracy and for a short time (e.g.,
wearable devices that are commonly suitable for 1 or 2 deployment days). Conversely, PASs with
lower SR values are desired for longer times of monitoring (up to one year) to ensure the presence
of free adsorbing sites on the membrane. On the other hand, SR values that are too low could be
responsible for a low resolution of the PAS devices when exposed in poorly polluted sites, making them
unattractive as accurate measurement tools, since, accordingly, highly sensitive analytical techniques
are required.
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Figure 12. Estimated sampling rate vs concentration (ranging from 1.2 to 4.5 ngm−3).

A comparison between the estimated concentrations, calculated using the experimental sampling
rate (SR) and the measured values by the vapor mercury analyzer, has been reported in Figure 13.

0.00

1.00

2.00

3.00

4.00

5.00

7 7 7 15 15 15 3 3 3 7 7 7 15 15 15 7 7 7 15 15 15

M
er

cu
ry

(n
g/

m
3 )

Exposure  time (days)
Figure 13. Comparison between the PAS estimated concentration using the experimental sampling
rate (red bar) and the measured values by the vapor mercury analyzer (blue bar).

The resulting PAS values were similar to those that were reported by the analytical device over
exposure times ranging between three and 15 days and to different concentrations of Hg0 vapors,
ranging between 1.2 and 4.6 ng/m3. Specifically, when the mercury analyzer measured average
concentration values of 1.23, 3.49, and 4.59 ng/m3, PAS values were reported to be 1.25, 3.44, and
4.57 ng/m3, respectively, with an average deviation of ~1.2%.

4. Conclusions

Since thin film structures are preferred for the development of passive samplers, a nanostructured
mercury vapor-adsorbing layer made of TiO2NPs and photo-decorated with AuNPs was designed
and assembled by drop-casting onto a microporous filter of SiO2. The decorated disc looked quite
compact and it conformed to the SiO2 microfibrous surface, keeping its roughness made of valleys
and overhangs, and penetrating inside the quartz filter for less than a quarter of its thickness. Such a
resulting layer was stable and easy to be handled without suffering apparent damage or detachment.

The gold nanoparticles, grown on TiO2NPs, shared similar size with the support grains,
assembling together into homogeneous aggregates. However if the AuNP shapes were regular
(spherical, highly crystalline), their size distribution became heterogeneous, ranging between 5 and
40 nm.
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Exploiting both the high surface/volume ratio and the strong affinity between gold and mercury,
the membranes, investigated as potential passive samplers for gaseous elemental mercury, showed a
high absorbency (up to 15 μg), together with a 95% efficiency of absorption, with only slight effects
due to temperature (+0.1% per Celsius degree, in a thermal range between −20 and 60 ◦C) and relative
humidity (+0.06% per %RH unit, between a dry and a 70% humid environment).

Samples could be restored after dozens of cycles of measurements by thermal desorption,
confirming their potential to use the same sample for many exposures.

When the adsorbing discs were placed inside axial passive samplers, a sampling rate of
0.014 m3/day was estimated when they were tested in controlled environments. Their features
were compared to those of the analytical measuring instrument, reporting an average deviation
of ~1.2%. Such a value suggested the chance to be applied for both short and longer monitoring
campaigns. Therefore, due to their ease of preparation, their high sensitivity to gaseous elemental
mercury due to the strong affinity between mercury and gold, high efficiency and a long lifetime, the
AuNP/TiO2NP-based devices are expected to be promising candidates for passive sampling strategies.

On the other hand, further studies are needed to evaluate the effect of thickness on the efficiency
and adhesiveness of the quartz support. Similarly, the AuNP size and shape, as well as its density
will be investigated too, in order to assess their effects onto the sensitivity and compactness of the
aggregated hybrid nanoparticles inside the film. Finally, further investigations are in progress in
environments that are polluted with potential interferents, such as chlorides and sulfides, and in
extreme environmental conditions, in order to be considered for monitoring campaigns over the globe.
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Abstract: Facile detection and the identification of hazardous organic solvents are essential
for ensuring global safety and avoiding harm to the environment caused by industrial wastes.
Here, we present a simple method for the fabrication of silver-coated monodisperse polystyrene
nanoparticle photonic structures that are embedded into a polydimethylsiloxane (PDMS) matrix.
These hybrid materials exhibit a strong green iridescence with a reflectance peak at 550 nm that
originates from the close-packed arrangement of the nanoparticles. This reflectance peak measured
under Wulff-Bragg conditions displays a 20 to 50 nm red shift when the photonic sensors are exposed
to five commonly employed and highly hazardous organic solvents. These red-shifts correlate
well with PDMS swelling ratios using the various solvents, which suggests that the observable color
variations result from an increase in the photonic crystal lattice parameter with a similar mechanism to
the color modulation of the chameleon skin. Dynamic reflectance measurements enable the possibility
of clearly identifying each of the tested solvents. Furthermore, as small amounts of hazardous solvents
such as tetrahydrofuran can be detected even when mixed with water, the nanostructured solvent
sensors we introduce here could have a major impact on global safety measures as innovative
photonic technology for easily visualizing and identifying the presence of contaminants in water.

Keywords: hazardous organic solvents; photonic nanostructures; self-assembly; polymer nanoparticles;
biomimetic solvent sensors; iridescence

1. Introduction

Organic solvents are widely used in multiple industries and for daily chores. For instance, they are
employed for industrial printing, coatings, adhesives, painting or cleaning, and in numerous types of
advanced technological research and production such as the organic electronics field [1–4]. A large
number of these organic solvents are considered as hazardous and can lead to either environmental
or health issues [1–8]. Chlorinated solvents such as chloroform (CF) or chlorobenzene (CB), as well
as heterocyclic ethers such as tetrahydrofuran (THF), can damage numerous organs including liver,
kidneys, and the central nervous system. Although strict rules on hazardous solvent waste disposal are
in place in developed countries, this may not be the case on a global scale. Consequently, developing
simple and low-cost technologies to visually detect the presence of contaminants (hazardous organic
solvents and their vapors) in air or in water is of major importance for reducing the risks that result
from organic solvent usage.

Photonic crystals found in nature have well-defined nano- or micro-structures [9–15] and have
inspired strategies for the development of biomimetic sensing technologies based on structural
coloration [13–17]. In particular, some animals provide perfect examples of visible color-tunable
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photonic materials [10–12]. The panther chameleons (Furcifer Pardalis) can, for instance, change their
skin color by modifying the lattice parameters of their iridophores between the excited and the
relaxed states [10]. Various methods for fabricating bio-inspired materials with similar structural
coloration properties have been explored over the past two decades, which are either based on
lithographic techniques (e.g., electron-beam lithography, imprint lithography, holographic lithography,
or two-photon lithography) [18–21] or on self-assembled materials [22–24]. Although lithographic
techniques can generate well-defined architectures, colloidal self-assembly has been drawing increasing
interest in the field, as it provides a low-cost alternative to fabricating materials with structural
coloration properties. This was first achieved with silicon-based monodisperse spherical particles
with submicrometer diameters [25,26], but these hard particles were quickly replaced with soft
polymer nanoparticles, as they can be produced at a lower cost and their properties can be easily
adapted through simple chemistry (e.g., to generate core-shell structures with different refractive
indices) [16,23,27].

Several studies have demonstrated that polymer nanoparticles as fused films or embedded in
elastomer matrices can be applied to water or organic solvent sensors fabrication [16,27,28]. Similarly to
the chameleon’s camouflage properties, the color variation observed from these films can be correlated
with changes in the lattice parameters of the photonic crystals and/or changes in refractive indices upon
diffusion of the organic molecules inside the matrix. The spectral changes are generally described by
the Bragg diffraction equation that is derived from Bragg and Snell’s laws (Equation (1)), which relates
the maximum peak wavelength (λ) with the incident angle (θ) and the effective refractive index (neff):

mλ = 2d111

√
neff

2 − sin2 θ (1)

in which d111 corresponds to the distance between adjacent nanoparticle centers in the (111) plane and
m is the order of diffraction. d111 and neff can be calculated following Equations (2) and (3).

d111 =
√

2/3Dparticle (2)

neff
2 =

√
0.74 n2

particle + 0.26 n2
fill (3)

in which Dparticle and nparticle correspond to the diameter and refractive index of the nanoparticle,
respectively, and nfill is the refractive index of the filling matrix. One of the most commonly used
matrices for this application is a cross-linked silicon-based elastomer, polydimethylsiloxane (PDMS).
Depositing uniform three dimensional nanoparticle structures on hyrdophobic substrates has been
one of the challenges to produce strongly iridescent materials. This was successfully achieved by
using techniques such as dip-coating [16,29] or Langmuir-Blodgett deposition [30,31]. However,
the commonly employed thin film deposition technique—spin-coating—is usually avoided, as it
has a tendency to create non-uniform films due to the fast drying kinetics resulting from the quick
rotation of the substrate [24]. Uniform nanoparticle photonic crystals from aqueous dispersions could
be deposited on PDMS substrates by solving the wetting issue through a time-consuming chemical
surface functionalization of the substrate [32].

Here, we introduce an innovative hybrid material based on spin-coated monodisperse polystyrene
(PS) nanoparticles coated with a thin metallic layer and embedded in a PDMS matrix. By increasing
the wettability of PDMS using a surface plasma treatment, we could form spin-coated, crack-free,
close-packed, three-dimensional photonic structures on PDMS which, once coated with silver (Ag),
exhibit strong iridescent colors. After depositing a second layer of PDMS on top of the Ag-coated
photonic crystals, we produce a mechanically resistant material that can repeatedly be used as photonic
chemical sensor for numerous organic solvents. Unlike previous studies on photonic sensors fabricated
using self-assembled PS nanoparticles [16,28,33], we demonstrate that this approach is not limited to
water and alcohols but can be applied to the detection and identification of hazardous solvents such as
CF, CB, and THF, which can contaminate water and represent a real danger to human health and the
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environment. Using a set of five test organic solvents, we observe the dynamic reflectance peak shifts
that result from variations in d111 as a result of the PDMS swelling. Furthermore, we verified that the
prepared materials can be employed to detect small amounts of hazardous solvents mixed in water and,
consequently, our study opens the path to low-cost photonic sensors for water contamination detection.

2. Materials and Methods

A schematic representation of the fabrication procedure for the PDMS-based photonic sensors is
presented in Figure 1. 2.5 × 2.5 cm2 PDMS substrates (Dow Corning, Sylgard® 184, Midland, MI, USA)
were fabricated by pouring a 10:1 mixture of the base and curing agent after intense mixing of the two
components and depositing it in a square-shaped container before curing it at 80 ◦C for 2 h. The PDMS
thickness (1.5 mm) was controlled by the deposited volume of uncured mixture. After the curing step,
the PDMS substrates were exposed to oxygen plasma for 30 min using a pressure of 500 mTorr and a
light intensity of 10 W at 10 MHz. The contact angle between the 600 nm diameter PS nanoparticle
aqueous dispersion (Thermo Fisher 5060A, Waltham, MA, USA, size uniformity ≤ 3%, nparticle = 1.59 at
589 nm), and the PDMS substrates was accurately measured using a plug-in for the ImageJ 1.47v
software, which follows a computational method that is described elsewhere [34]. The monodisperse
PS nanoparticle dispersion diluted to 5 wt % was spin-coated on top of the modified surface PDMS
substrates at 600 rpm for 1 min.

Figure 1. Schematic description of the multistep fabrication process for strongly iridescent hybrid
photonic materials. The photographs correspond to PS nanoparticle aqueous dispersions deposited on
PDMS substrates before and after oxygen plasma treatment.

The PS-coated PDMS substrates used for metallization were placed in an evaporation chamber
until a vacuum level of 10−6 Torr was reached and then an 70 nm-thick Ag layer was deposited on
the substrates at an evaporation rate of 0.3 nm·s−1. The Ag-coated substrates employed for PDMS
embedded photonic sensor fabrication were then once again placed in a square-shaped box and
covered with the same volume of PDMS mixture that was cured in the same conditions as the substrate
fabrication step. The resulting photonic sensors have a thickness of approximately 3 mm, which
ensures that no buckling will occur when they are exposed to the organic solvents.

SEM images of the metalized PS nanoparticles that are deposited on PDMS substrates were
collected using a Field Emission SEM (Hitachi, SU3500, Tokyo, Japan) at 10 kV and with magnifications
of 5000× and 10,000×. The reflectance measurements were carried out by placing the samples on a
horizontal stage with an incident light oriented 52.3◦ with respect to the vertical axis (Figure 2a).
The light collected at an angle of 18.3◦ with respect to the vertical axis was analyzed using a
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BlueWave-VIS Spectrometer (StellarNet, Inc., Tampa, FL, USA) from 450 to 750 nm. These angles
correspond to the Wulf-Bragg conditions (θ = 17◦) for the close-packed nanoparticles in the (111) plane.
The reflectance spectra were collected using a standard halogen lamp (StellarNet, Inc., Tampa, FL, USA,
SL1 Tungsten Halogen Light Source) and normalized using the reflection spectra of Ag-covered glass
substrates. All measurements were performed in the experimental room’s atmospheric conditions
with temperatures of 25 ◦C and a relative humidity of 55%.

The PDMS swelling ratios were calculated by immersing the hybrid photonic materials
(3 mm-thick, area of 2.5 × 2.5 cm2) into the various test solvents. The difference in weight before and
after immersion for 1 h at room temperature and the molecular weight of the molecules was employed
to calculate the amount of solvent that diffused into the hybrid material. Testing of the photonic
materials as hazardous organic solvent sensors was performed using the same geometry as described
above, and reflectance spectra were measured at regular time intervals after dropping 100 μL of each
test solvent on the hybrid material surface (test solvent diffusion side in Figure 1). The sensitivity
measurements were performed by gradually increasing the amount of THF placed on the photonic
sensor surface. Similarly, 5 μL of THF were mixed into 95 μL of water, and the solvent mixture was
deposited on top of the PDMS-based material to observe the changes in reflectance peak.

3. Results and Discussion

3.1. Strongly Iridescent Hybrid Photonic Films

After spin-coating the PS nanoparticles on a PDMS substrate, a 70 nm-thick Ag layer is
deposited on top of these films, which are then covered with a second PDMS layer to ensure
that the photonic structure is not damaged by repeated solvent diffusion. As demonstrated by the
photographs in Figure 1, surface plasma treatment of the PDMS substrate is an essential step for
ensuring that PS nanoparticles can be deposited from aqueous dispersions onto these high surface
energy elastomeric substrates. Surface plasma treatment is a well-known technique that is often
applied to improving the wetting properties of aqueous solutions onto hydrophobic layers such as
poly(3,4-ethylenedioxythiophene) polystyrene sulfonate or PDMS [16,35,36].

The oxygen plasma treatment performed on PDMS modifies the functional groups present
at its surface. In fact, the surface of pristine PDMS substrates is mainly composed of methyl
groups. During plasma treatment, oxidation of these methyl groups takes place, which results in
the formation of silanols that enable wetting from aqueous solutions and dispersions [37]. In the
case of the PS nanoparticles dispersion we employed for our photonic material fabrication, average
contact angles with the PDMS substrate of 107.5◦ and 24.9◦ were obtained before and after plasma
treatment, respectively (Figure 1). This major change in contact angle and surface wetting properties
enabled the spin-coating of wet layers of PS nanoparticle aqueous suspensions on PDMS substrates.
Although the nanoparticles are dispersed in water, PS is intrinsically hydrophobic. The interactions
between PS nanoparticles and the hydrophobic substrate (PDMS) are consequently likely to form
uniform close-packed colloid photonic crystals. The scanning electron microscope (SEM) images in
Figure 2b clearly demonstrate that a honeycomb close-packed arrangement of the PS nanoparticles
on plasma-treated PDMS was successfully achieved. The photonic materials exhibits crack-free
iridescence over areas as large as 5 cm2, confirming that, unlike previous attempts to fabricate
PDMS-PS nanoparticle composites based on drop-casting, uniform arrangements were obtained [28].
Furthermore, coating the nanoparticles with a thin Ag layer considerably increased the reflectance
of the PDMS-PS nanoparticle composites with values approximately 2.4 times higher than materials
based on bare PS nanoparticles embedded in the silicon elastomer matrix (Figure 2c).

The face-centered cubic arrangements exhibit a (111) diffraction plane that is oriented at an angle
of 35.3◦ with respect to the sample (Figure 2b). Consequently, for θ values, we consider the angle
with respect to the [111] normal direction rather than the direction that is normal to the sample plane.
To facilitate the visual detection of hazardous solvent traces, we selected the geometry in which θ has a
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value of 17◦, as it results in a green structural coloration with a reflectance peak maximum around
550 nm (Figure 2c). Similarly to previous studies on photonic opal structures, we could observe a small
spatial distribution of the diffraction peak, which may be a consequence of multiple diffractions from
different Bragg planes that interact with each other (Figure 2d) [38]. This may also explain why the
observed reflectance peak at 550 nm in Bragg conditions does not perfectly match the results from
calculations using Equation (1), which predict a reflectance peak around 497 nm. The presence of
packing defects (Figure 2b) and the dispersity in nanoparticle dimensions may also contribute to the
observed differences between theoretical and experimental data. As the material present on the sample
dropping side of these strongly iridescent multilayer films is PDMS, they may be employed to detect
the presence of hazardous organic solvents, which can diffuse inside the silicon elastomer matrix [39].

Figure 2. (a) Schematic representation and experimental set-up for the reflectance measurements;
(b) top-view SEM image of the surface (left) and tilted-view SEM image of the cross-section (right) of
Ag-coated PS nanoparticles deposited on plasma-treated PDMS; (c) reflectance spectrum of bare and
Ag-coated PS nanoparticles embedded in PDMS for the third order of Bragg diffraction from the (111)
plane observed at 17◦ with respect to the [111] direction; and (d) spatial and spectral distribution of the
reflectance peak with incident light oriented 53.3◦ with respect to the vertical axis.
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3.2. Hazardous Solvent Detection in Biomimetic Photonic Sensors

To test the hybrid photonic materials we developed for hazardous organic solvent sensing
applications, we selected five test solvents with various PDMS swelling ratios (Table 1). In addition to
CF, CB, and THF, we used dichloromethane (DCM) and dimethoxyethane (DME), which are suspected
of causing cancer or may damage fertility and unborn children.

Table 1. Summarized data on tested solvent and observed reflectance peak shift when 100μL of solvent
are deposited on the hybrid sensor.

Solvent THF DME CF CB DCM

Refractive index (nsolvent) 1.40 1.38 1.45 1.52 1.42
PDMS swelling ratio (mmol/g of PDMS) 17.8 11.6 17.7 7.7 7.9

Reflectance peak (nm) 601 592 597 569 575

The five tested solvents exhibit dynamic shifts of the reflectance peak that were initially observed
at 550 nm. Taking into account Equations (1) and (3), the measured red shifts (Figure 3) of the reflectance
peak either originate from an increase in the distance between neighboring centers in the (111) plane
or larger neff values. The refractive indices of the test solvents (nsolvent) are summarized in Table 1.
Interestingly, although THF and PDMS are relatively similar from an optical point-of-view, with nTHF

and nPDMS having values of 1.40 and 1.41, respectively, a 50 nm red shift of the reflectance peak can
be observed, which suggests that the key parameter for the response from the photonic sensor is the
PDMS swelling ratio. In fact, CF, which has a refractive index of 1.45 but almost the same swelling
ratio as THF, yields similar values of reflectance peak shift.

Figure 3. (a) Time-resolved reflectance spectra of 100 μL CF dropped from the non-metal side onto the
hybrid photonic sensor; (b) time-dependent evolution of the reflectance peak wavelength of various
solvents dropped on the hybrid photonic sensor. The inset in (a) corresponds to the observed sample
with an area of 5 cm2 before deposition of CF and 2 min after the deposition.

Using the solvent with a high swelling ratio (CF), we verified that the changes in reflected color
from green to red (597 nm) can be visually recognized within a few minutes (inset of Figure 3a). In fact,
the five test solvents can be categorized in three classes of swelling ratios with values close to 18
(CF and THF), 12 (DME), and 8 (DCM and CB) mmol/g of PDMS, respectively. These three classes
of solvents yield shifts of approximately 50 nm, 40 nm, and 20 nm, respectively. Consequently, it is
safe to assume that the working mechanism of these biomimetic photonic sensors is very similar
to the color-tuning properties of the chameleon skin and principally relies on a deformation of the
photonic crystal lattice upon swelling of PDMS by the solvents (increase in d111) [10]. Note that the
standard deviation for 10 measurements using the same solvent is less than 1 nm, which implies
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that even small differences in reflectance peak wavelength (e.g., 601 and 597 nm for THF and CF,
respectively) can be employed to identify the nature of the solvent that diffuses into the photonic sensor.
Nonetheless, to ensure that each solvent can be precisely identified, we used a dynamic approach
based on the solvent diffusion rate into the PDMS matrix. As displayed in Figure 3b, CF and DCM
reach their maximum reflectance shifts within 2 min, whereas THF, DME, and CB take longer times of
approximately 5, 10, and 30 min, respectively.

The time-dependent measurements not only allow for a better recognition of the solvents but also
provide important information for understanding the differences observed in reflectance shifts from
solvents with similar PDMS swelling ratios. For instance, CF and THF have PDMS swelling ratios of
17.7 and 17.8 mmol/g, respectively. Nonetheless, as CF has a higher refractive index compared to THF,
a larger red shift is expected. Repeated measurements confirm that the reflectance measured from the
sensors in the presence of THF is red-shifted by approximately 5 nm as compared to the results from
CF. Our hypothesis for this contradictive result is that the solvent diffusion kinetics, which determine
the amount of solvent present in the vicinity of the PS nanoparticles at a given time, will affect the
increase in d111 as represented in Figure 4.

Figure 4. Schematic representation of the increased distance between adjacent PS nanoparticles
embedded in the PDMS matrix when solvents with fast, average, and slow diffusion speeds are
deposited on the surface of the photonic sensors.

As the reflectance peak shifts back to the initial position (550 nm) after a certain time, we neglected
the effect of PS solubility on the various test solvents and considered that the solvents preferentially
diffuse into PDMS. When CF is deposited on top of the photonic sensor, it quickly diffuses inside
PDMS, which results in an almost homogenous distribution of the solvent molecules inside the whole
elastomeric matrix thickness (approximately 3 mm). On the other hand, in the case of THF, the diffusion
is slower and, consequently, the solvent swollen area gradually moves in the vertical direction within
PDMS. The schematic representations in Figure 4 are exaggerated for clarity of presentation. In the
case of fast diffusing solvents (e.g., CF), a smaller amount of solvent molecules remain in the direct
proximity of the PS nanoparticles at the time when the maximum reflectance peak shift is recorded.
This also explains why a smaller shift is observed for CF with respect to THF, which has slower
diffusion kinetics even though the two solvents have similar swelling ratios (measured by immersing
the photonic sensors into the various solvents). A slower diffusion rate consequently seems to be
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beneficial for precise measurement of the maximum peak shift due to swelling of the PDMS matrix.
Nonetheless, if the diffusion of the solvent inside PDMS is too slow, the distance between the diffusion
front and back will increase, which will also result in less solvent molecules in the vicinity of the
PS nanoparticles at a given time. Consequently, a larger red-shift can be observed when comparing
DCM to CB despite the fact that they have similar swelling ratios. The hypothesis of time-dependent
swelling of PDMS suggests that the reflectance shifts should also depend on the volume of solvent that
is in contact with the sensor.

We verified the detection threshold (sensitivity) of the photonic sensors we developed here by
varying the amounts of solvents used as test samples (Table 2). All the reflectance wavelengths in
Table 2 correspond to the maximum shift observed during each test. The time at which these maximum
shifts were observed varies depending on the test solvent. Additionally, considering the experimental
error on the reflectance peak measurements, we can suppose that the minimum volume of solvent
that can be detected by the photonic sensor is 5 μL (shifts larger than 5 nm). To verify whether
this detection threshold can be applied to, for example, THF mixed in water, we prepared a low
concentration (5 vol %) mixture of THF in water. The mixed solvent was deposited on the photonic
sensors, which resulted in a reflectance peak wavelength of 569 nm collected 5 min after deposition.
As this value is very close to the one measured for 5 μL of THF deposited on the sensor, we can
speculate that all the THF molecules mixed in water diffuse from the mixed solvent into the PDMS
based photonic sensors. These sensors consequently have a great potential as innovative technology
for precisely and rapidly detecting the presence of hazardous, solvent-contaminated water.

Table 2. Photonic sensor reflectance peak wavelength with respect to deposited amount of solvent.

Solvent Amount (μL) 0 2 5 10 20 50 100

Reflectance Peak (nm)

THF 550 552 567 574 599 602 601
DME 550 555 562 571 578 591 592

CF 550 551 558 569 589 599 597
CB 550 552 557 567 571 570 569

DCM 550 554 561 569 574 574 575

4. Conclusions

In summary, we have successfully fabricated strongly iridescent hybrid photonic sensors based
on self-assembled spin-coated PS nanoparticles on plasma-treated PDMS substrates. The addition of
the reflective Ag layer resulted in strong structural coloration properties that can be easily observed by
naked eye. The formation of close-packed structures was confirmed by SEM measurements, and we
employed the green Bragg reflection peak (λ = 550 nm) to probe the diffusion of hazardous organic
solvents into the photonic sensor.

Using a set of five organic solvents, we verified that these multilayer nanostructured materials can
be used for the detection and identification of hazardous water contaminants. Direct visualization of
the changes in reflectance peak wavelengths for a given amount of solvent can be highly beneficial for
rapid analysis of the water purity with respect to these organic solvents, which can be harmful to the
human health and the environment. After closely studying the behavior of the various solvents and
correlating the observed reflectance peak shifts with the parameters present in the Bragg diffraction
equation, we concluded that, similarly to the chameleon skin, the changes in visible color of the sensors
strongly depend on the PDMS swelling by the test solvent. As each solvent has a different diffusion
rate into PDMS, reliable contaminant identification can be achieved by analyzing the data in terms of
time-dependent reflectance peak shift.

Lastly, we verified that hazardous solvent amounts as low as 5 μL can be detected using the
hybrid photonic sensors, even when they are tested as low concentration contaminants in water.
This opens the path for facile and rapid recognition of a variety of hazardous solvents that can either
affect some organs such as the liver or the lungs but also result in infertility or increase the probability
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of harm to unborn children. As this technology can be easily employed as simple water purity test in
developing countries in which sometimes no strict rules on industrial solvent disposal exist, the sensors
we produced for our study could find major applications in global safety measure implementation.
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Abstract: The SiOx barrier nanocoatings have been prepared on selected polymer matrices to
increase their resistance against permeation of toxic substances. The aim has been to find out
whether the method of vacuum plasma deposition of SiOx barrier nanocoatings on a polyethylene
terephthalate (PET) foil used by Aluminium Company of Canada (ALCAN) company (ALCAN
Packaging Kreuzlingen AG (SA/Ltd., Kreuzlingen, Switzerland) within the production of CERAMIS®

packaging materials with barrier properties can also be used to increase the resistance of foils from
other polymers against the permeation of organic solvents and other toxic liquids. The scanning
electron microscopy (SEM) microstructure of SiOx nanocoatings prepared by thermal deposition from
SiO in vacuum by the Plasma Assisted Physical Vapour Deposition (PA-PVD) method or vacuum
deposition of hexamethyldisiloxane (HMDSO) by the Plasma-enhanced chemical vapour deposition
(PECVD) method have been studied. The microstructure and behavior of samples when exposed to a
liquid test substance in relation to the barrier properties is described.

Keywords: barrier material; nanocoating of SiOx; polymeric matrix; plasma deposition; PVD;
PA-PVD; PECVD; permeation; CERAMIS®; SorpTest

1. Introduction

Multilayer structures generally increase the protective properties of barrier materials [1–4].
The effect of a combination of the location of the barrier layers on the Protection Factor (BF) is
shown in Figure 1.

Within the production of packaging materials for sensitive commodities and in chemical
protection, this principle has been used for many years [5,6]. Multilayer barrier materials usually
have better performance properties than the individual components from which they are made [7,8].
They are mostly cheaper and better processed [9–11]. This principle is also used by Aluminium
Company of Canada (ALCAN) company in the production of SiOx-based CERAMIS® [12] packaging
materials, which form a barrier layer between polymer foils (usually polyethylene terephthalate
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(PET) and polypropylene (PP)) during their lamination [13–16]. The principle of this technology of
reactivating steaming the SiOx barrier layer from the SiO substrate in vacuum is illustrated in Figure S1.

 

Figure 1. Influence of the barrier nanolayers arrangement on the protective properties of polymeric
barrier materials.

In the Aluminium Company of Canada (ALCAN) brochure, this packaging material states that it
creates an excellent barrier against gaseous and liquid harmful substances, independent of temperature
and humidity. It is transparent for microwaves, suitable for heat sterilization and pasteurization,
printable by common printing processes and it allows detection of metals. Due to the patented SiOx

barrier coating technology used by ALCAN was not available, one of the obtained samples was
evaluated for protective properties against sulphur mustard (HD) and 1,6-dichlorohexane (DCH). For a
CERAMIS® CO 20 sample weighing 18.2 g/m2 (PET 12 μm, SiOx 60 nm, PP 20 μm), the protective
properties against the permeation of HD and DCH have been found to be greater than 70 h.

Although this material exhibits high resistance to the permeation of selected toxic compounds,
it has one major disadvantage from the point of view of its possible utility in anti-gas protection.
Its considerable stiffness and imprecision does not allow it to be used for the construction of protective
clothing. It was therefore the effort to apply the SiOx barrier layer to more suitable polymeric matrices.

Vacuum plasma deposition technology of barrier layers within normal temperatures is particularly
suitable for the preparation of advanced surfaces with specific properties on flexible polymer and textile
substrates [17–20]. A synoptical example of this advanced technology is the advanced novoFlex®600
equipment for coating polymeric materials in the footage developed by the Fraunhofer Institute for
Organic Electronics, Electron Beam and Plasma Technology FEP (Dresden, Germany).

Another way to prepare SiOx barrier nanolayers on polymeric or textile materials is a method
of plasma deposition from a mixture of siloxane substrates and oxygen. As the suitable substrates
hexamethyldisiloxane (HMDSO) and tetraethylorthosilicate (TEOS), which most closely approximate
to the structure of SiOx are considered [21].

The barrier layers could be prepared as flexible based on polymeric materials. One of the
materials is Parylene. It is a commercial name for the group of poly-p-xylylene polymers. Dimmer
ofpoly-p-xylylene is thermally evaporated (sublimated) from a powder within a low pressure of tens
of Pascals. Steams of this dimmer joint a pyrolitic chamber. Within the temperature of approximately
680 ◦C comes to the split of the dimmer on monomer units. These molecules are reactive and
devaporate on the surface of coated materials (in the same way as on walls of the reactive chamber).
They polymerize in radical mechanism and form a linear polymeric polymer that is deposited as a
very thin barrier layer. This layer is very homogenous and inert. The deposition of parylene was
first observed by Szwarc in 1947, and Gorham later described a more efficient, general synthetic way
to prepare poly-p-xylylene through the vacuum vapour-phase pyrolysis of paracyclophane at has
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been used till nowadays [22,23]. This polymerisation is self-initiated and non-terminated, requires no
solvent or catalyst, produces no by-products except for the unreacted precursor. The polymer thin
film is deposited spontaneously at the room temperature thus no thermal stress is induced in a coated
object. Recently, parylene is one of the most well-known chemical vapour deposited (CVD) polymers
and number of its applications has grown dramatically over the years.

The excellent resistance of polymeric packaging materials with the SiOx barrier layer against the
permeation of oxygen and humidity has conducted to the conception that the plasma deposition of
SiOxnanolayer and/or parylene film on the suitable polymeric matrix could be used for preparation
of even constructive materials for protective garments resistant against toxic liquids and gases.
This phenomenon has become a subject of our research. The aim of the study was to test these
structures on the various polymers be used to increase the resistance against the permeation of organic
solvents and other toxic liquids. The swelling of the polymeric substrate and material of nanostructured
films is the main problem of barrier films functionality because of some destructions.

2. Materials and Methods

2.1. Source Materials, Substrates and Polymeric Matrices

SiO powder provided by Merck KGaA (Darmstadt, Germany) was used as source material for
Plasma Assisted Physical Vapour Deposition (PA-PVD) process, hexamethyldi-siloxane (HMDSO)
CAS 107-46-0 (Sigma-Aldrich, Prague, Czech Republic) was utilized as source materials for PE-CVD
method. For PVD process of organics film the 1,3,5-triazine-2,4,6-triamine (melamine), CAS 108-78-1
(Sigma-Aldrich, Prague, Czech Republic) was used. Dimer of chlorinated p-xylylene (parylene C)
(KunShanZhangShengNaNo Tech Company, Kunshan, China), CAS 28804-46-8 was utilized as source
material for CVD method. Bis(2-chloroethyl) sulphide (sulphur mustard, HD) CAS 505-60-2 (Military
Technical Institute of Protection, Brno, Czech Republic) and 1,6-Dichlorohexane CAS 218-491-7
(Sigma-Aldrich, Prague, Czech Republic) were used as test chemicals for verification of the quality
of new developed barrier materials with nanolayers. Polyvinylidenchlorid (PVDC), CAS 9002-85-1
foil of 20 μm was used for lamination of PEVA foil. Thin films were prepared on polymeric foils from
polyethylenevinyl acetate (PEVA), CAS 24937-78-8, foil of 200 μm thickness, polypropylene (PP) foil of
30 um thickness and polyethylentereftalate (PET) foil of 8 μm thickness. Si wafer WFP 6005 provided
by ON Semiconductor (ON Semiconductor Czech Republic, Rožnov pod Radhoštěm, Czech Republic)
was used as substrate for thin film characterization by energy-dispersive X-ray spectroscopy—EDX
(ON Semiconductor Czech Republic, Ltd., Rožnov pod Radhoštěm, Czech Republic). EDX is a part of
Scanning Electron Microscope ZEISS EVO LS 10 (Oberkochen, Germany). This spectroscopy provides
elemental information about the composition of the structure of the surface of a sample. Performed in
conjunction with SEM. Elements with atomic numbers down to carbon can be viewed with Energy
Dispersive Spectroscopy (EDS).

2.2. Apparatuses for the Samples Preparation

The equipment for thermal lamination of plastic films without the use of binders was used
as method for special multilayer structure fabrication. The original vacuum apparatus (Faculty of
Chemistry, Brno University of Technology) for the preparation of barrier nanocoatings base on SiOx and
melamine on a polymeric matrix by the PVD, PA-PVD and PECVD method was used. The construction
is evident from Figure S2.

Plasma surface activation was carried out before each first layer preparation under pressure of
10 Pa and oxygen flow of 10 sccm. The plasma discharge RF power of 13.56 MHz was set to 50 W for
10 min.

PVD process of SiO and Melamine based layers was carried out in following steps. The vacuum
system was evacuated to base pressure of 1 × 10−5 Pa, then process started at pressure 1 × 10−4 Pa of
source material vapour. Sample thickness varied from 50 to 150 nm controlled by deposition time.
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PA-PVD process of SiOx based films preparation was carried out under process pressure of
3 × 10−2 Pa and oxygen mass flow of 5 sccm. The RF power of 13.56 MHz plasma discharge was 200 W.
The sample thickness varied from 50nm to 150 nm and was controlled by adjusting the deposition time.

PE-CVD process of SiOx based films deposition from HMDSO vapour was used under following
conditions. The process pressure of 8–10 Pa was controlled by pump speed and monomer HMDSO
flow, argon mass flow was kept as constant of 2 sccm and oxygen mass flow of 5 sccm. RF power
of 13.56 MHz was used in range of 10–100 W, typical Self Bias Voltage was around 100 V. Sample
thickness varied from 50–150 nm and was controlled by tuning the deposition time.

For the CVD process of parylene film preparation the original vacuum system developed on
Brno University of Technology (Brno, Czech Republic) was used. It works on the principle of Gorham
method described above. The conditions used for the process were as follows: pressure of monomer
vapour was controlled to 8–10 Pa by temperature of dimer evaporator, the temperature of pyrolytic
chamber was kept to 680 ◦C. The sample thickness was controlled by initial weight of dimer load.

2.3. Measuring Instruments

The high-resolution JEOL-6700F scanning electron microscope (JEOL, Tokyo, Japan) was used for
the evaluation of nanocoatings surface microstructure at Institute of Scientific Instruments of the Czech
Academy of Sciences, Brno, Czech Republic. This microscope is suitable for observing fine structures,
such as multi-layer coatings and nanoparticles produced by nanotechnologies. Thanks to very slow
electrons, it is also suitable for observing non-conducting samples.

The original SorpTest device was utilized for the study and quantitative testing of the barrier
materials resistance against the permeation of volatile toxic substances, including chemical warfare
agents [24]. The SorpTest devise is a semiautomatic measuring system using an innovated PVDF
permeation cell enabling continual monitoring dynamic and static permeation rate of gases of volatile
toxic compound through barrier materials with the employment of the reversible quartz crystal
microbalance (QCM) sensor with the polymeric detection layer. With the help of this device it is
possible to determine the period during which the limit of the toxic substance penetrates through
the barrier material. The rate of permeation of vapours of the tested chemical through the barrier
material within its contamination with the liquid phase is monitored. Schema of the SorpTest system
is presented Figure S3.

The original equipment developed at the Faculty of Chemistry of the Brno University of
Technology was used to determine oxygen transmission rate (OTR) under static conditions.
The principle of measurement is similar to principle given in American Society for Testing Material
(ASTM) D3985-17. OTR is the steady state rate at which oxygen gas permeates through a film at
specified conditions of temperature and relative humidity. Values are expressed in cc/m2/24 h units.

3. Results and Discussion

3.1. Protective Properties

As a carrier material for barrier layers, PEVA has been used as a representative of an easily swellable
polymer and PP as a representative of a low swellable polymer. Barrier layers of melamine, parylene,
PVDC and SiOx have been applied to them occasionally combined with each other [25]. The prepared
samples have been evaluated from the point of view of protective properties, microstructure and
behaviour when exposed to the liquid phase of the test chemical. The PET foil is not suitable as the
carrier material; otherwise testing the protective properties would be unbearably long.

Combinations of PEVA material with layers of parylene (by CVD), PVDC (by lamination) and
SiOx (PE-CVD) have been prepared and evaluated. Due to the low protection properties of PEVA foil
itself against liquid toxic substances, in our case, sulphur mustard (HD) and 1,6-dichlorohexane (DCH),
the protective properties of these materials have been verified within one and both-sides coating with
a thin layer of PVDC and SiOx. For one-sided coating, the PVDC has a breakthrough time value (BTY)
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of 55 min and 129 min from the site of PEVA. This difference has been caused due to the presence of
the directional effect of permeation caused by the different swell ability of both materials. The PEVA
foil itself had the RDY only 27 min. For both-sided PVDC lamination, BTY was found to be 188 min on
one side and the second side. For DCH, these values are slightly lower and approximately equal to
51 min on PEVA side and 78 min on both sides covering from both sides (Figure 2).

 

Figure 2. Breakthrough times of modifiedpolyethylenevinyl acetate (PEVA) foil determinate by the
MikroTest method.

Further combinations of PEVA foil with barrier layers of SiOx (by PE-CVD or PA-PVD), melamine
(by PVD) and PVDC (by lamination) have been prepared [26,27]. These have been subsequently
evaluated for resistance against the permeation of DCH. Interestingly, the resulting BT values for DCH
in most combinations have been approximately the same and ranged from 23 to 33 min. The exception
was only a combination with PVDC, with a single-sided coverage of BT 70 min from the PEVA side
and 166 min with double-sided coverage. These results indicate that the exposure to DCH results in
the rapid destruction of most barrier layers as a result of swelling of the carrier polymer so that the
resulting protective properties of the starting material do not increase too much (Figure 3). The change
in microstructure of the barrier layers following the DCH exposure described below also corresponds
to these considerations.

 

Figure 3. The resistance of the PEVA foil modified with different barrier layers against
1,6-dichlorohexane (DCH).
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In order to remove the impact of the swelling on the protective properties of the studied barrier
layers, polypropylene has been used as the carrier polymer. The results shown in Figure 4 confirm
previous considerations of the negative effect of the swelling of the carrier polymer on the protective
properties of the applied barrier nanolayers.
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Figure 4. Resistance of the PP foil modified with different barrier layers against DCH permeation.

A similar situation occurs when assessing the protective properties with the help of oxygen
permeation (OTR), which also does not come to swelling of the carrier polymer (Figure 5).

 

Figure 5. Oxygen permeation values detected for PEVA foil with barrier layers of PVDC, plasma
polymerized HMDSO and parylene.

3.2. Microstructure

The analysis is mainly focused on microstructure assessment of inorganic nanocoatings SiOx,
which, when exposed to liquid test chemicals, unlike organic nanocoatings, resulted in significant
destruction due to swelling of the polymer matrix. From a large number of SEM micrographs have been
selected primarily those that were typical for the studied material and regularly repeated on different
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samples. Within large magnification, most researched SiOx layers were found to have characteristic
granular substructures of tens of nanometres dimensions, which are the basic building blocks of
these nanocoatings.

It is necessary to realize that within the plasma deposition of nanostructured SiOx barrier layers is
a key parameter their elasticity and ductility, which usually is not more than 3% [27,28]. With gradual
deformation of the substrate, the effect of ductility on protective properties can also be evaluated by
OTR measurements, as there is no swelling of the carrier polymer which causes cracking and thus
deterioration of the protective properties. When exposed to a liquid test chemical, the evaluation of the
quality of the barrier layers is strongly dependent on the properties of the carrier substrate [29,30]. If a
polymer resistant to swelling is used, the results of the protective properties evaluation are similar to
those of the OTR. When using an easily swellable polymer, the cracks and defects in the barrier layer
polymer are rapidly contaminated by the liquid test chemical and the subsequent swelling causes
further destruction of the barrier layer and thereby deterioration of the protective properties.

However, the thickness of the barrier layer is also a crucial parameter. Basically, all publications
dealing with the effect of the SiOx nanocoating thickness on barrier properties indicate an optimum
where OTR values are best. The principle of thickness dependence on OTR is explained by the fact
that in the nucleation area the discrete centres are first formed on the polymer substrate. The best OTR
values are then achieved when they are interconnected. However, if a uniform nanolayer is rapidly
formed in another region, its thickness is preferably increased and the growth of discontinuous centres
is slowed down. However, a faster increase of the thickness of the barrier nanolayer at these sites
above the optimum value, however, results in microcracks resulting from internal stress in the layer
material which getting the OTR value worse.

As a basic comparison layer, a nanostructured SiOx layer on the silicon substrate has been
prepared by PECVD by plasma deposition. It is apparent from Figure 6 and Figure S6 that the prepared
nanocoating is homogeneous with a uniform microstructure that does not change even after prolonged
exposure to DCH.

  
(a) (b) 

Figure 6. Scanning electron microscopy (SEM) micrographs of the surface of the nanolayer of SiOx

prepared by HMDSO method on the silicon substrate at various magnifications before exposure to
DCH (a) 1000× and (b) 50,000×.

When assessing the quality of the SiOx nanocoatings, the surface quality of the carrier polymer
foil should be taken into account in order to determine if found defects do not copy the underlying
material. Figure 7 and Figure S7 shows the typical non-homogeneity of the surface of the PEVA foil to
be taken into account when assessing the microstructure of SiOx nanocoatings.

For this reason, efforts were made to optimize plasma deposition conditions in order to improve
the surface homogeneity of the polymer film used. One from the options was to modify the polymer
matrix for less swelling. After verifying a number of PEVA surface treatment options, it was finally
chosen to laminate it (at 110 ◦C without the binder) with a thin PVDC foil that showed good adhesion
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to the material. Another option was to replace the PEVA foil with a less-swelling PP film with a better
surface. The use of PET foil that would be most suitable for plasma barrier coating was problematic
because we could not measure too high BT values changes in protective properties in real time after
applying different barrier layers. Polymeric matrices thus prepared were subjected to SiOx barrier
nanocoatings with plasma deposition. Prepared samples have been evaluated not only from the
point of permeation resistance and for microstructure of barrier nanocoatings surface before and after
exposure of the DCH test chemical with high resolution SEM. It is evident from Figure 8 and Figure S8
that the quality of the PVDC surface is significantly better than the original PEVA foil. It has been
shown that this material is not porous even at high magnification (80,000×) and therefore it can be
advantageously used for the deposition of other barrier layers based on melamine, parylene and
mainly SiOx plasma technology.

   
(a) (b) (c) 

Figure 7. The exhibitions of different inhomogeneity on the surface of the used polymer foil PEVA at
various magnifications of (a) 10,000×; (b) 30,000×;(c) 5000×.

  
(a) (b) 

Figure 8. SEM micrographs of PVDC foil surface laminated at 110 ◦C to PEVA foil at magnification of
(a) 1000× and (b) 80,000×.

However, it is interesting to note that even with short-term oxygen plasma treatment, the surface
of the PVDC foil is significantly wrinkled, while its homogeneity remains unchanged (Figure 9 and
Figure S9).

A homogeneous layer of SiOx with a well-developed microstructure which is probably very thin
is formed with plasma deposition by PVD method on the surface of the PVDC foil (Figure 10 and
Figure S10).

Similarly, within plasma deposition with the PVD method, at this time on the surface of PEVA
foil, behaves even melamine and parylene C. The characteristic microstructure of the surface of these
barrier nanocoatings is shown in Figures 11 and 12. In both cases a compact and fairly homogeneous
barrier nanocoating with a well-developed microstructure copying the PEVA foil surface is formed.
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A comparison of the microstructures in Figures 10–12 and Figure S10–S12 show that melamine produces
a coarser microstructure than SiOx but thicker than parylene C. Further SiOx nanocoatings on PEVA
film have been prepared by plasma deposition with the HMDSO method. Within this method of
preparation, it is possible, in accordance with conditions during exposure, to form a SiOx nanocoating
of the different character than within plasma deposition by PVD method.

  
(a) (b) 

Figure 9. SEM micrographs of PVDC foil surface laminated to PEVA foil after short exposure to oxygen
plasma treatment at magnification of (a) 1000× (b) 30,000×.

(a) (b) 

Figure 10. SEM micrographs of the surface SiOx barrier nanocoating prepared by plasma deposition
with the PVD method on PVDC foil laminated on the PEVA foil, at magnification of (a) 1000× and
(b) 80,000×.

  
(a) (b) 

Figure 11. SEM micrographs of melamine nanocoating surface on PEVA SiOx foil prepared by PVD
plasma deposition method at magnification of (a) 250× and (b) 100,000×.
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(a) (b) 

Figure 12. SEM micrographs of parylene nanocoating surfaces on PEVA SiOx foil prepared by PVD
plasma deposition method at magnification of (a) 1000× and (b) 15,000×.

The different appearance of SiOx nanocoatings prepared under various experimental conditions,
documented in Figure 13 and Figure S13, is probably related to the nanocoating thickness and
properties of the carrier substrate.

  
(a) (b) 

  
(c) (d) 

Figure 13. SEM micrographs of SiOx barrier nanocoating surface prepared by the plasma deposition
by HMDSO method on PEVA foil at magnification of (a) 5000× and (b) 100,000× and on PEVA foil
stained with aluminium at magnification of (c) 50× and (d) 300×.

This assumption confirms the deposition of SiOx by the HMDSO method on the silicon wafer
surface, documented in Figure 14 and Figure S14.
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(a) (b) 

Figure 14. SEM micrographs of surface SiOx barrier nanocoating prepared by plasma deposition by
HMDSO on the silicon wafer at magnification of (a) 300× and (b) 1000×.

The SiOx nanocoating has been deposited on the surface of the Viton elastomer by the HMDSO
method for comparison, documented in Figure 15 and Figure S15. Interestingly, in this case a
homogeneous barrier layer has been formed, however with a porous microstructure.

 

 

 
(a)  (b) 

Figure 15. SEM micrographs of surface SiOx barrier nanocoating prepared by plasma deposition by
HMDSO method on the Viton fluorelastomer at magnification of (a) 250× and (b) 80,000×.

The nanocoating SiOx has been deposited on the surface of both PP and PET foils by the HMDSO
method. The formed nanocoating has been both nonporous and homogeneous with a well-developed
microstructure copying the surface of the PP foil, as shown in Figure 16.

   
(a) (b) (c) 

Figure 16. SEM micrographs of SiOx barrier nanocoating surface prepared by plasma deposition by
HMDSO method on the PP foil at magnification of (a) 1000×, (b) 5000× and (c) 80,000×.
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If samples of polymeric materials with a SiOx barrier layer are exposed to liquid DCH, an easily
swellable PEVA polymer matrix will dramatically change the appearance of this nanocoating. Liquid
DCH permeating through micro cracks or other leaks to the polymeric matrix apparently will not
prevent its rapid swelling which causes destruction of the SiOx nanopowder [30–32]. This effect will
not appear at all or only to a small extent in the scope of PP foils or PET foils. It is conformable with
the discussion above related to the protective properties of these materials. The destruction of the SiOx

barrier layer due to the polymer matrix embossment can be demonstrated by many of the examples
shown in Figure S4. However, visual changes due to the polymer matrix swelling from visual changes
due to mechanical damage to the SiOx barrier layer, as documented in Figure S5, are required.

During the study of SiOx nanocoatings after destruction, sites with such great damage have been
found. It was possible to precisely determine the thickness of deposited barrier layer moving around
100 nm (Figure 17 and Figure S16). It even appears that in some cases the SiOx nanocoating has a
multilayer character of approximately 100 nm (Figure 17a).

  
(a) (b) 

Figure 17. SEM photographs of SiOx barrier nanocoating fracture prepared by plasma deposition by
HMDSO method on PEVA foil at magnification of (a) 50,000× and (b) 150,000×.

Another interesting finding is the typical spherical substructure characteristic of most studied
SiOx nanocoatings. This substructure, clearly recognizable only with sufficiently large magnification,
is also found inside deep material defects and even creates interesting structures on the surface and on
the smooth surface of the PEVA foil, as can be seen from Figure 18.

   
(a) (b) (c) 

Figure 18. SEM micrographs of SiOx nanocoating substructure prepared by plasma deposition by
HMDSO method on the PEVA foil at magnification of 80,000× of three different areas. (a) Typical
surface morphology; (b) layer defect and (c) surface abnormality.

4. Conclusions

It has been shown that the plasma deposition in vacuum can form barrier nanopowders from
SiOx and other suitable substrates on the polymer matrix. It is clear from the results that the HMDSO
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method, which makes it possible to influence the SiOx nanocoating thickness and quality better,
is more appropriate. Within forming practically applicable barrier materials with nanocoating of
SiOx it is necessary to be respect several essential requirements. The nanocoating SiOx must be
deposited primarily on a low swellable polymeric foil and, due to its brittleness, it must immediately
be laminated with another foil due to prevention of its mechanical damaged. This is in a harmony
with the production process of ALCAN Company within the production of packaging with barrier
properties of CERAMIS® technology. The aim of further research in this field should be to improve the
fixation of barrier nanocoatings on the polymer matrix and their resistance to mechanical stress. If it
is real to prepare reactive coatings or deposition of suitable metallic oxides with catalytic properties
it would enable this process to be used for the preparation of nanocoatings and nanomaterials with
self-decontaminating or photocatalytic properties during further research.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/9/679/s1,
Figure S1: The principle of CERAMIS® reactive steam technology and examples of SiOx

® coated materials, Figure
S2: The scheme of the PE-CVD/PA-PVD apparatus for the preparation of SiOxnanocoatingsSiOx with steaming
form powder SiO in vacuum, Figure S3: Diagram and real appearance of the SorpTest device for testing the
resistance of barrier materials against the permeation of gaseous and liquid toxic substances, Figure S4: Scanning
electron microscopy (SEM) micrographs of examples of visual changes of the SiOx barrier layer caused by polymer
matrix swelling with visible different kinds of cracks, Figure S5: Scanning electron microscopy (SEM) micrographs
of examples of visual changes of the SiOx barrier layer caused by mechanical damage, Figure S6: Scanning electron
microscopy (SEM) micrographs of the surface of the nanolayer of SiOx prepared by HMDSO method on the silicon
substrate at various magnifications of 20,000× before exposure to DCH, Figure S7: The exhibitions of different
inhomogeneity on the surface of the used polymer foil PEVA at various magnification of (a) 30,000×, (b) 15,000×,
(c) 80,000×, Figure S8: SEM micrographs of PVDC foil surface laminated at 110 ◦C to PEVA foil at magnification of
30,000×, Figure S9: SEM micrographs of PVDC foil surface laminated to PEVA foil after short exposure to oxygen
plasma treatment at magnification of 5000, Figure S10: SEM micrographs of the surface SiOx barrier nanocoating
prepared by plasma deposition with the PVD method on PVDC foil laminated on the PEVA foil, at magnification
of 5000×, Figure S11: SEM micrographs of melamine nanocoating surface on PEVA SiOx foil prepared by PVD
plasma deposition method at magnification of 30,000×, Figure S12: SEM micrographs of parylenenanocoating
surface on PEVA SiOx foil prepared by PVD plasma deposition method at magnification of 5000×, Figure S13:
SEM micrographs of SiOx barrier nanocoating surface prepared by the plasma deposition by HMDSO method on
PEVA foil at magnification of (a) 1000× and on PEVA foil stained with aluminium at magnification (b) 1000×,
Figure S14: SEM micrographs of surface SiOx barrier nanocoating prepared by plasma deposition by HMDSO on
the silicon wafer at magnification of 1000×, Figure S15: SEM micrographs of surface SiOx barrier nanocoating
prepared by plasma deposition by HMDSO method on the Viton fluorelastomer at magnification of 5000×, Figure
S16: SEM photographs of SiOx barrier nanocoating fracture prepared by plasma deposition by HMDSO method
on PEVA foil at magnification of 100,000×.
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Abstract: Structural and functional properties of polymer composites based on carbon nanomaterials
are so attractive that they have become a big challenge in chemical sensors investigation. In the
present study, a thin nanofibrous layer, comprising two insulating polymers (polystyrene (PS) and
polyhydroxibutyrate (PHB)), a known percentage of nanofillers of mesoporous graphitized carbon
(MGC) and a free-base tetraphenylporphyrin, was deposited onto an Interdigitated Electrode (IDE)
by electrospinning technology. The potentials of the working temperature to drive both the sensitivity
and the selectivity of the chemical sensor were studied and described. The effects of the porphyrin
combination with the composite graphene–polymer system appeared evident when nanofibrous
layers, with and without porphyrin, were compared for their morphology and electrical and sensing
parameters. Porphyrin fibers appeared smoother and thinner and were more resistive at lower
temperature, but became much more conductive when temperature increased to 60–70 ◦C. Both
adsorption and diffusion of chemicals seemed ruled by porphyrin according its combination inside
the composite fiber, since the response rates dramatically increased (toluene and acetic acid). Finally,
the opposite effect of the working temperature on the sensitivity of the porphyrin-doped fibers
(i.e., increasing) and the porphyrin-free fibers (i.e., decreasing) seemed further confirmation of the
key role of such a macromolecule in the VOC (volatile organic compound) adsorption.

Keywords: electrospinning deposition; chemosensor; nanocomposite conductive polymers;
polyhydroxibutyrate; polystyrene; H2TPP; VOCs selectivity; mesoporous graphene

1. Introduction

Chemical sensors are usually conceived as electronic devices comprising a sensing material, in
charge of interacting with the target analyte, and a transducer, to transform such an interaction into
an electric/optical signal [1]. Among the main drivers for the design of advanced chemical sensors,
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the key characteristics include sensitivity, selectivity, and rapid detection of target molecules. Over
the last decade, the combination of nanostructured materials with many transducers has boosted
the advances in this area, leading to significant enhancements in their sensing performance [2,3].
Consequently, together with a plethora of complex nanostructures, polymer nanocomposites have
been designed and investigated as promising candidates for developing advanced materials for
sensors. These joint materials benefit from the synergy between filler nanoparticles and polymer
chains: they are both on similar length scales and with a very large interfacial surface area when
compared to the volume of the material [4]. On the other hand, polymers are one of the most
extensively exploited classes of materials due to the great variety of available chemical moieties
with their relatively low cost, easy processing, and potential for designing and fabricating recycled
and sustainable materials for sensors of the last generation [5]. More specifically, the development
of polymeric composites based on carbon nanomaterials, such as carbon nanotubes (CNTs) and
graphene (G), has been given a great deal of attention as a path to achieve new sensing materials
with new structural (e.g., mechanical stability) and functional properties, likely better performing
than pure components. Among the remarkable features of these two carbon allotropes to be used to
design a chemical sensor, there are high electrical conductivity and large surface area [6]. Both
nanomaterials have the same honeycomb lattice with sp2-hybridized carbon atoms, but with a
two-dimensional sheet in graphene and its rolling up in one (SWNT, single-wall nanotubes) or
more concentric tubes (MWNT, multi-wall nanotubes). Chemiresistors based on carbon-polymer
combinations comprise features such as great stability, improvement of lifetime, tunable selectivity,
ability to work at room temperature, good reversibility and reproducibility, low power consumption
and cost effectiveness [7]. Generally, in these systems, current passes through continuous pathways of
the conductive carbon particles between the parallel electrodes of the transducers. The sorption of a
chemical vapor can cause softening/swelling of the polymer film, breaking some of the continuous
pathways and increasing the resistance of the composite. Therefore, polymers can be designed to
be more or less selective to different classes of VOCs, taking into account their solvation parameters
according to vapor solubility (linear solvation energy relationships (LSER)) [8]. Obviously, much
attention has been paid to properly modifying both polymers (functionalization of polymer chains)
and polymer films (layer structure) to be simultaneously more selective to defined VOCs and
optimized to host carbon nanofillers [9–11]. Therefore, chemiresistors based on Nafion–CNT [12]
and poly(2,5-dimethylaniline)–CNT [13] have revealed intriguing performances in measuring air
humidity and acid vapors, respectively. More recently, many nanocomposite polymer–graphene
materials have been investigated and used successfully as sensors for industrial chemical reagents,
drugs and explosives [14,15], thus highlighting comparable [16], and in some studies even better
performances [17], than those of CNT-based sensors. This aspect sounds attractive since graphene
is synthesized according to lower cost procedures and it is a material with the highest electrical
conductivity known at room temperature (6000 Sc m−1) [18], a huge surface area (2.63 × 103 m2 g−1)
and a complete impermeability to any gases [19]. The efficiency of graphene–polymer composite
seems to be related to the molecular-level dispersion of graphene [20] that commonly occurs by using
a proper surfactant and/or selecting a polymer matrix that, through π−π stacking or hydrophobic
(van der Waals) interactions, preserve the intrinsic electronic properties of graphene and allow a
nanofiller homogeneous distribution [21]. Regarding a graphene hosting layer framework, thin
and porous films, facilitating gas/VOCs diffusion, are preferred to get fast sensor responses and
to avoid layer poisoning (hysteresis effects). A very porous layer with a controlled distribution
of the nanofillers can be developed by electrospinning (ES) deposition. This is a technology able
to produce advanced multifunctional polymer nanocomposites (2D and 3D micro- or nanofibrous
layers) and has been conceived as one of the most promising strategies to design and fabricate
highly sensitive nanocomposite films at low cost and with high production rates [22]. The process
uses a high voltage to provide sufficient charges in the polymer solution such that a jet is ejected
from the tip of a spinneret toward a grounded collector: the solvent evaporates on the path and the
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polymer nanofibers can be grown according to various arrangements and different morphologies. Thus,
graphene nanoparticles can be added in the polymer solution for electrospinning, and nanofibers can be
investigated as potential conductive material for chemical sensors. In a recent study, Avossa et al. [23]
used the temperature to modulate the sensitivity of nanocomposite polymer nanofibers (polystyrene,
polyhydroxibutyrate, mesoporous graphitized carbon (PS-PHB-MGC)) to gas and VOCs, making the
sensor more selective to NO2 (LOD: 2 ppb, limit of detection) when operated at 80 ◦C, whereas VOCs
adsorption decreases.

A polymer doping agent is an alternative to the functionalization or substitution of polymer matrix
for tuning the sensor selectivity. Different porphyrin species have been used to dope organic polymer.
For instance, porphyrins combined with poly(2-phenyl-1,4-xylylene) have led to a huge variation in
responses depending on the selected analytes (toluene, ethylacetate, ethanol, and propanone) [24].
Porphyrins have excellent sensing properties (their framework, peripheral substituents and the core
that could be practically occupied by all metals of the periodic table) that make them an effective object
of study and sensor applications of the last thirty years [25]. In the literature, there are several cases of
porphyrins subjected to electrospun deposition in combination with electrospinnable polymers, so that
their dispersion [26] and arrangement inside fibers as well as their photocatalytic [27] and sensing
features [28,29] have been investigated extensively [30]. On the other hand, the best performances seem
to be achieved when porphyrin occupies the outer part of the fiber [31] or when polymer fibers are
very porous. Electrospun polymer fibers with a ternary composite combination (porphyrin, graphene
oxide and nylon) are also manufactured [32] to be investigated towards more advanced applications.

In this paper, we present the design and the creation of a nanofibrous conductive chemical sensor
based on a quaternary combination of two insulating polymers (PS and PHB, named as PsB) doped
with 5,10,15,20-tetraphenylporphyrin (H2TPP) and mesoporous graphene nanopowder. Porphyrin,
due to its molecular structure, is expected to give a significant contribution to the sensing properties of
the polymer composite fibers [23], by coordinating the planar surfaces of MGC and the phenyl rings of
PS (effects on fiber morphology and structure) and “capturing” selectively volatile organic compounds
(VOCs) (effects on sensor sensitivity and selectivity). The polymers were selected because they are
versatile (widely used in many consumer products), eco-compatible, biodegradable (PHB), recyclable
(PS) [33,34] and resistant to thermal excursions (thermoplastics). Additionally, they are both soluble
in chloroform and insoluble in H2O, meaning that they could be deposited by a unique electrospun
mixture with a single needle, and were expected to be stable to changes in environmental humidity.
In this more complex fibrous matrix, a preliminary study on the dependence of the sensor selectivity
on the temperature was also carried out and is described below.

2. Materials and Methods

Mesoporous graphitized carbon nanopowder (MGC) (<500 nm; available surface area:
50–100 m2/g; average pore diameter: 137 Å), hexadecyltrimethylammonium bromide (CTAB) (~99%),
polystyrene (PS) (Mw = 192,000 g/mol), chloroform (≥99%), toluene (≥99.8%), acetic acid (≥99%),
and poly[(R)-3-hydroxybutyric] acid (PHB) (natural origin) were purchased from Sigma-Aldrich
(Merck KGaA, Darmstadt, Germany). Ethanol (≥99.8%) was obtained from Fluka (Buchs, Switzerland).
All chemicals were used without further purification. A 5,10,15,20-tetraphenylporphyrin (H2TPP)
was prepared following literature protocol [35]. Standardized pure air (5.0) was purchased from
Praxair-RIVOIRA (Rome, Italy) and stored in cylinders.

Interdigitated Electrodes (IDEs), provided by Micrux Technologies (Oviedo, Spain), were
fabricated on borosilicate substrate (IDE sizes: 10 mm × 6 mm × 0.75 mm; Pt/Ti electrodes, 120 pairs,
10 μm wide × 5 mm long × 150 nm thick, with 10 μm gap) and rinsed with soap and a “base piranha”
mixture at 60 ◦C for ~15 min, (3:1, v/v, ammonia water and hydrogen peroxide water solution) and
finally with Milli-Q water (~18 MΩ cm) before any use.

The electrospun dispersion was prepared by first solubilizing 450 mg of PS pellets into 9 mL of
chloroform under magnetic stirring. After complete dissolution, 60 mg of PHB were added into the
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solution and mixed at 50 ◦C for 2 h. Then, 150 mg of CTAB and 1 mL of ethanol were poured into the
system and mixed overnight at 50 ◦C under magnetic stirring. Suspensions composed of 1.3 mg of
MGC with and without 15 mg of H2TPP were poured into 2 mL of the PS/PHB/CTAB solution and
sonicated for at least 1 h.

The resulting polymer dispersions were loaded into glass syringes (1 cm long stainless steel and
blunt tips) and connected to a syringe pump (Model KDS 200, KD Scientific). The fibers depositions
were carried out in a home-made (IIA-CNR, Monterotondo, Rome, Italy) and ventilated clean box
equipped at ambient condition. The electrospinning apparatus consisted of a high power AC-DC
converter, a high voltage oscillator (100 V) driving a high voltage (ranging from 1 to 50 kV), a syringe
pump and a rotating conductive pipe with a 45 mm diameter grounded collector. The fibrous layers
were fabricated by applying ~6 kV DC voltage between the syringe tip and the collector (8 cm of
distance), at a pump feeding rate of 700 μL h−1. Deposition time was fixed at 2 min to obtain a thin
and adhering coverage of the surface (IDEs and SiO2 wafers and High Precision Quartz slices). UV-Vis
spectrophotometer (UV-2600 Shimadzu, Kyoto, Japan) was used to collect UV spectra of the fibrous
layer at the solid state.

Optical micrographs were captured by a Leitz-Wetzlar (Metallux 708082, Wetzlar, Germany)
microscope, for the evaluation of the quality coverage of the fibers deposited onto the IDE.

Fibers morphological analyses were carried out by means of micrographs from Scanning Electron
Microscopy (SEM) and Transmission Electron Microscopy (TEM). The electrospun nanofibrous fabrics
deposited on thin SiO2 wafers and sputter-coated with gold in a Balzers MED 010 unit were analyzed
for SEM by a JEOL JSM 6010LA electron microscope (High Equipment Centre, University of Tuscia,
Viterbo, Italy). Scanning transmission electron microscopy (STEM) images were acquired in annular
dark field mode (ADF) on a JEOL JEM-2200FS microscope operated at 200 kV and with a spot size of
2 nm (IMEM-CNR, Parma, Italy). The H2TPP/PS-PHB-MGC fibers were deposited on a lacey carbon
coated copper grid, to reduce electrostatic charging of the fibers under the electron beam. Chemical
mapping of carbon and oxygen were obtained from energy dispersive X-ray spectroscopy (EDXS)
using a Si-Li detector (JEOL JED-2400, Akishima, Tokyo, Japan).

The resulting chemiresistors (IDEs + NFs, where NFs means nanofibers) were sealed in a
measurement glass chamber (~100 mL volume) and connected to an electrometer (Keithley 6517, Solon,
Ohio, USA) capable of measuring their electrical parameters and sending data to a PC (LabVIEW 2014
Software, National Instruments, Austin, TX, USA). The current, provided under dry and clean air, was
recorded by applying potential values from −4.0 to 4.0 V in steps of 0.4 V at different temperatures
(25, 40, 50, 60, and 70 ◦C). Current versus applied voltage values were used to calculate the resistance
of the fibrous coated IDE and its correlation to the temperature, as well as a potential hysteresis of the
material when it was electrically stressed. All batches of the chemiresistors fabricated on different
dates but keeping the identical deposition parameters reported the same electrical features, confirming
the reproducibility of the deposition technique.

Dynamic sensor measurements were carried out at different working temperature (Tw: 50, 60,
and 70 ◦C, generated by a micro-heater placed below each sensing area of the IDE) using: (i) 4-channel
MKS 247 managing up to four MKS mass flow controllers (MFC), set in the range 0–200 sccm (standard
cubic centimeter per minutes); and (ii) Environics S4000 (Environics, Inc., Tolland, CT, USA) flow
controller, containing three MFCs supplying three flow rates (up to 500, 250 and 2.5 sccm, respectively),
managed by its own software. Pure air was used as the gas carrier and it was blended with increasing
concentrations of vapors of water (H2O), acetic acid (AcAc) and toluene (Tol), respectively, obtained
through air bubbling in customized borosilicate bubblers (Rolando Spaziani S.r.l., Nettuno, Rome,
Italy). A total gas flow of 300 sccm passed through the measurement chamber, housing the IDEs. Each
measurement was carried out after the complete recovery of the starting current (the baseline) under
dry and clean air flow. IDE responses were calculated as ΔI/I0, where ΔI is the current variation and I0

is the current when the air flowed.
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3. Results and Discussion

Electrospinning technology was used to create nanocomposite nanofibrous layers in a single step
using a single needle. The depositions were easily carried out onto several substrates, specifically
silicon dioxide thin slices (for fibers morphological, chemical and optical characterization) and
customized borosilicate IDE transducers (for measuring electrical and sensing features of the thin
nanofibrous coating). Each substrate, fixed onto the grounded rotating cylinder facing the needle tip,
was able to collect the ejected fibers within the deposition cone (Figure 1). Fibers did not look aligned
over the electrode, but arranged to form a porous network placed on the IDE surface. Despite the
heterogeneity of the polymer suspensions, the electrospun jet streams occurred without discontinuity,
so that fibers were collected for a few minutes.

Figure 1. Sketch of electrospinning technique able to coat an IDE (interdigitated electrode) with
composite nanofibers (left); and current measurements upon interaction of the chemosensor with
gaseous molecules (right).

Shortly, the deposition process was generated by the application of a definite electrical field
between the polymer suspension droplet at the metal nozzle and the grounded substrate placed at
a distance. Due to the application of the electrical field, the polymer drop first changed shape (from
spherical to conical) and then was elongated until the electrostatic forces exceeded the surface tension
of the polymer suspension and forced the ejection of the liquid jet. Finally, dry and fine fibers were
collected following the jet bending and stretching processes (by forces with opposing effects) [36],
solvent evaporation and then splaying. The resulting fabrics appeared soft and cotton candy-like,
and resulted easy to peel when electrospun processes were carried out for a longer time. Thus,
to improve the fibers adhesion, it was necessary to thoroughly clean all the surfaces (base-piranha
solution) and, following the deposition, incubate all the substrate at 60 ◦C under slight vacuum.
The nanocomposite fabrics were pink (Figure 2c), turning to orange when the thickness increased but
white/light gray (Figure 2d) if porphyrin-free. Nanocomposite fibers without porphyrin (PsB-MGC)
previously investigated [23] appeared extremely rough on the surface and decorated with brighter
islands, but fairly uniform in term of shape (cylindrical) and size (d: 550 ± 170 nm) (Figure 2b).
The fibers combined with H2TPP (H2TPP-PsB-MGC) kept the same circular cross-sectional shape but
appeared much smaller in size (d: 174 ± 50 nm) (Figure 2a). A possible reason for this phenomenon
could be attributed to the polymer percentage decreasing in the final electrospun mixture [37,38] when
porphyrin molecules were added. Furthermore, a higher voltage applied to the porphyrin mixture
necessary to engage the electrospun process (VH2TPP-PsB-MGC =≈ 6 kV; VPsB-MGC = 2.9 kV) could also be
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responsible for the fiber diameter reduction when combined to a lower feed rate (i.e., 700 μL h−1 and
900 μL h−1 used for H2TPP- PsB-MGC and PsB-MGC suspensions, respectively) [39,40]. Porphyrin
fibers looked smoother and had small spherical/elliptical bumps protruding from the whole the
surface of the fibers (Figure 2a, inset). Therefore, the addition of the porphyrin to the composite system
seemed to substantially change the morphology of the resulting fibers: in addition to dispersion forces,
H2TPP could interact with PS and graphene by π−π interactions and with PHB by hydrogen bond.
However, long, continuous and unbeaded fibers proved an appropriate combination of electrospinning
set of parameters.

Figure 2. SEM micrographs of H2TPP-PsB-MGC (a) and PsB-MGC (b) [23] and their respective pictures
placed under (c,d). Diameter distribution graph (e) of H2TPP-PsB-MGC (purple) (a) and PsB-MGC
fibers (black) (b).

Figure 3 shows a magnified TEM micrograph focusing on a single H2TPP- PsB-MGC fiber.
The shape is regular but the heterogeneity of the fiber seems to be confirmed by areas with
different contrast among the diverse nanoaggregates. For ADF-STEM imaging, the contrast
(brightness/darkness) is approximately proportional to the square of the averaged atomic number
projected in beam direction z and it depends linearly on the thickness [41] (in particular, the bigger is
the atomic number, the brighter is the image). The bright regions inside the polymer/porphyrin fiber
could be due to Br−, counterion to CTA+ (Cetyltrimethylammonium) in the surfactant. The cationic
surfactant was used to decrease the aggregation of MGC particles and improve their solubility/stability
in the polymer matrix. Thus, the brightest area (a higher scattering, i.e., higher intensity in the image)
distributed along the inner part of the fiber is supposed to be consequently and indirectly related also
to graphene dispersion. As concerns the distribution of both polymers (PS and PHB), the electrospun
nanofibers were expected to result in a bulk matrix mainly composed of one of the two polymers
hosting an approximately inhomogeneous dispersion of the second polymer, as a consequence of the
poor polymer–polymer miscibility. According to the literature, when two polymers are soluble in the
same solvent but incompatible with each other, they solidify in different domains [42] during fiber
formation [43]. In the inset of Figure 3, the EDXS chemical map is shown, as obtained from C-K (blue)
and O-K peaks (green). Oxygen looks to be more concentrated at the surface of the fiber, leading us to
suppose a higher presence of PHB at the surface (carbonyl, hydroxyl and ether groups). On the other
hand, the distribution of the porphyrin can hardly be highlighted by this technique since H2TPP is
also substantially constituted by C atoms with the exception of the four N atoms in the core of the
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macrocycle (but having close atomic number); thus, the contrast is too low to recognize the porphyrin.
A high affinity between PS and H2TPP (π−π stacking of the aromatic rings) is reported in literature
where the homogeneous dispersion of the porphyrin in the surface and inside PS electrospun fibers
is described using fluorescence microscopy (homogeneously red colored fibers) [28]. A weak π–π
stacking could also occurs between graphene flakes surface and porphyrin molecules [44]. Therefore,
porphyrin could be fairly dispersed among PS chains and MGC nanofillers in fiber inner part, and PHB
arranged to the outermost part.

 

Figure 3. Annular dark field mode-scanning - transmission electron microscopy (ADFM-STEM) image
of a porphyrin doped fiber. The inset shows the corresponding energy dispersive X-ray spectroscopy
(EDXR) chemical map from carbon (blue) and oxygen (green).

The UV-Vis diffuse reflectance (R%) spectrum of a H2TPP-PsB-MGC fibrous layer (Figure 4)
showed the characteristic features of the H2TPP chromophore, with the Soret (reflectance minimum
about 2.5% at 415 nm) and Q bands well defined (VI: 516 nm, R: 13%; III: 550 nm, R: 19%; II: 591 nm,
R: 23%; I: 648, R: 22%). Although the Soret band showed the expected broadening in the solid state,
the absence of wavelength shifts seemed to indicate that the porphyrin could be well dispersed in the
polymeric matrix. This hypothesis is also supported by the narrow Q bands.

Figure 4. Diffuse reflectance ultraviolet-visible (DR-UV-Vis) spectrum of a H2TPP PsB-MGC thick fibrous
layer (the orange one in inset). Inset shows also a porhyrin-free fibrous coating (the white-grey one).
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The nanocomposite fibrous layer, comprising many interfaces between each component. was
expected to be an intriguing system for the development of chemical sensors, due to both the
wide adsorption surface and the surface energy potentials involved [45]. Optical microscope
pictures (Figure 5b) depicted a Pt-Ti microtransducer coated with 2 min-deposited fibers, which
appeared optically transparent and with some small black MGC aggregates spread inside fibers,
suggesting that the graphene distribution was not completely homogeneous but enclosed within
the polymer wires. Increasing the deposition time, a thicker layer was obtained, but the adhesion
resulted inhomogeneous and it was more easily peelable from the transducer. To measure the
electrical parameters of the resulting chemiresistor, both at room and increasing temperatures up to
70 ◦C, each IDE, during the current vs. voltage measurements, was positioned onto a customized
micro-heater fabricated on alumina substrate. The supplied voltage ranged between −4 V and
+4 V. Current–voltage curves displayed a quasilinear relationship between the current changes
and the imposed increasing voltage values. Indeed, both PS and PHB, being thermoplastics, can
be heated to their melting point (TM_PS: 240 ◦C; TM_PHB: 175 ◦C), cooled, and reheated again
without substantial degradation. The experimental melting point of porphyrin is also high enough
(TM_H2TPP: ≥300 ◦C [46]) to allow the sensor to work properly in the established range. However,
further heating involved an initial increase in current followed by a slow and irreversible increase in
resistance, probably due to an irreversible arrangement of MGC inside fibers. For this reason, all
experiments were carried out up to 70 ◦C. To investigate the contribution of the porphyrin to the
chemiresistor electrical features, the same amount of graphene was used [23] to produce the fibers
with and without porphyrin: indeed, upon the addition of porphyrin, MGC final mass percentage
resulted about 1%. However, at room temperature (25 ◦C), porphyrin chemiresistor was more
resistive (about 1.2 × 108 MΩ) than the porphyrin-free one (about 3.4 × 106 MΩ). The current
inside fibers is supposed to occur by tunneling of electrons among MGC particles through a small
insulating barrier (percolation theory). The electrical properties of such fibrous layers depend on
both the quantity and the quality of the “texture” covering the electrodes. Therefore, the resulting
measured electrical resistance is related to the individual fiber resistance (due to its dimension and
shape), the fiber density (number of fibers per unit of surface area) and the electrode coverage. In
porphyrin-fibers, nanofillers appeared distributed within the inner part of fibers, whereas the MGC
aggregation inside PsB-MGC was supposed outer, then closer to the IDE metal-electrodes and with
a smaller polymer barrier. A reason of this effect could be due to the arrangement of MGC inside
fibers due to the porphyrin addition. Furthermore, it is known that conductivity can increase more
than one order of magnitude when fiber diameter increases [47]. Porphyrin fibers were estimated to
be much thinner than PsB-MGC one. On the other hand, thinner fibers are commonly preferred for
sensor applications, since smaller-diameter wires are expected to have a faster response associated
with a quicker diffusion of gas molecules through the fiber. Additionally, the collected porphyrin
fibrous coatings showed a lower density of the PsB-MGC nanofibers over the electrodes (i.e., layer
more porous, Figure 5b), although it increased with the same deposition time. This result could
be a further reason to explain a lower conductivity of H2TPP fibrous chemiresistor. The electrical
signals at 25 and 40 ◦C were noisy, thus the porphyrin chemiresistor did not seem to work properly.
Conversely, increasing the electrode working temperature, current increased considerably, especially
when temperature value was set at 70 ◦C. Consequently, the signal to noise ratio increased too, and
the baseline looked more stable.
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Figure 5. Current vs. voltage diagram at 25, 40, 50, 60 and 70 ◦C and 25, 40, 50 and 60 ◦C in the inset
(a); optical image of the IDE covered by H2TPP-PsB-MGC fiber (b); and resistance values diagram at
25, 40, 50, 60 and 70 ◦C (c).

When the sensor was heated from 25 to 40 ◦C, the electrical resistance changed by two orders of
magnitude (from 108 to 106 MΩ) (Figure 5c and inset). The exponential decreasing of the resistance
values to the increasing 10 ◦C steps has been reported in the semi-logarithm bar-plot of Figure 5c, where
resistance changed from ≈7 × 103 to ≈5 MΩ, going from 50 to 70 ◦C. Such a non-linear dependence of
conductivity on the heating apparently confirms the prevalence of the tunneling current (depending
on the small dielectric barriers (insulating polymer) between the particles [48]) in comparison with the
contact one [49,50], which usually should dominate in highly filled composites in contact with each
other. The tunnel contribution is described by Equation (1):

ρT = e
( πw

2

√
2mV0

( h
2π )

2 )

(1)

where ρT is the tunnel resistivity, m is the electron rest mass, h is Planck’s constant, V0 is the height
of the barrier, and w is its width [51]. Commonly, in a polymer nanocomposite matrix, the gap
among nanofillers tends to increase with temperature due to the polymer phase volume expansion
(i.e., polymer crystalline phase melting [52]) or the amorphous phase softening [53] during melting,
resulting in a resistivity rise of several decades. In the fibrous chemiresistors here described, with and
without porphyrin [23], the different results could be explained by the phenyl group rotation in
polystyrene (polymer backbone chain reorientation [54]), which could favor strong π–π interactions
existing between aromatic organic molecules and the basal plane of MGC. Such a rearrangement could
be responsible for the connectivity improvement of the conductive network of the nanofillers, inducing
the enhancement of the electrical conductivity [55]. The interfacial force between graphene and PS
could be enhanced by surface modification, which reduced the interfacial thermal resistance and
dispersed graphene more uniformly [56]. A significant contribution to the MGC rearrangement inside
fibers could also be generated by the aromatic planes of H2TPP facing graphene surfaces. Indeed,
comparing both the fibrous layers resistance values, H2TPP-PsB-MGC became less resistive than
PsB-MGC, when the working temperature reached and went over 60 ◦C (Figure 6), notwithstanding
the disadvantaged parameters listed above of the porphyrin layers to be conductive. More specifically,
its resistance value reached ≈5.7 MΩ versus ≈81.6 MΩ of PsB-MGC measured at the same temperature
(Tw: 70 ◦C) in dry and clean air. Furthermore, the steep slope of H2TPP-PsB-MGC curve (Figure 6)
could also be affected by the temperature effects on charge transport among porphyrin that is strongly
temperature dependent [57]. It means that at lower temperature H2TPP could work as barrier while at
higher temperature it should promote conduction.
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Figure 6. Resistance vs. working temperature for H2TPP-PsB-MGC (purple) and PsB-MGC (blue) fibers.

Vapor measurements were carried out according to a dynamic mode: the sensor was exposed
to a gaseous stream of molecules, the content of which was ruled by blending a stream of pure air
with a second stream saturated with the vapor to be analyzed. Thus, the fibrous chemosensor was
firstly deployed to increasing percentages of water vapors, ranging 0–50% with increments of 10%,
and with working temperature values set at 40, 50 and 60 ◦C. Both transient responses and response
curves are depicted in Figure 7a,b. The current, reported as I/I0 (I: the current value; I0: starting
current value under clean air) linearly increased when humidity percentage increased, too. A reason
for this positive trend was the presence of the cationic surfactant inside the fibers that facilitated the
dispersion of the carbon nanostructures [58]. Another reason could be related to the structure of the
nanofillers, having here a mesoporous configuration, capable of easily entrapping water molecules and
then interacting by the oxygen atoms making part of the framework of each MGC sheet [23]. When the
chemosensor (Tw: 50 ◦C) was exposed to 50% relative humidity, it became seven times more conductive
than the dried one. An inverse relationship occurred when working temperature increased: under 50%
RH (relative humidity), the sensor became six (60 ◦C) and three times (70 ◦C) more conductive than
under dry air, therefore generally the sensor responses to water vapors decreased with temperature.
The related sensitivity values, defined as the change of measured signal per analyte concentration
unit, i.e., the slope of the sensor responses graph [59] (Figure 7c), showed a decrease of 64% and 78%
when the sensor worked, respectively, at 60 and 70 ◦C. Sensitivity is a key parameter in sensor design,
because it represents an index related to the sensor ability to “capture” an analyte. In fact, such a
fibrous layer was designed to be scarcely affine to water molecules, having two hydrophobic polymers
(PS and PHB) and planar structures of H2TPP and MGC preferring π–π interactions (despite H-bonds
due to MGC structural defects and a cationic surfactant water soluble). Further, they were insoluble
in H2O, meaning that the resulting fibers could be exposed to a wide range of relative humidity
percentages without undergoing structural changes. The lowering of the affinity index to vapor due to
the heating should be presumably caused by the decrease of the vapor molecules diffusion mainly
caused by the backbone polymer chains motion [60,61]. In addition, in agreement with the kinetic
theory of matter, the sorbed molecules (H-bonds and Van der Waals forces), gaining kinetic energy
when heated, were able to “fly” out of the binding site. Indeed, furnishing the sufficient kinetic energy
to desorb the “captured” material is the usual strategy to restore/regenerate an adsorbent [62]. A very
similar behavior is reported for PsB-MGC nanosensors [23].
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Figure 7. Normalized current (I/I0) versus time during water vapor measurement (10%, 20%, 30%, 40%
and 50% RH) at 70, 60 and 50 ◦C (a); ΔI/I0–RH percentage diagram (response curves) (b); and sensitivity
of the H2TPP-PsB-MGC electrode at the different working temperatures (c).

To investigate a potential role of the porphyrin as a selective sensing agent, the fibrous chemosensor
was deployed to toluene and acetic acid vapors, the two chemicals that, among the VOC chemical classes
previously tested, reported the lowest and the highest, respectively, affinity to PsB-MGC fibers. Additionally,
when working temperature increased, the PsB-MGC sensitivity values decreased greatly, making that
sensor suitable to work at room (or close to room) temperature for VOC detection. Furthermore, the interest
in testing both the chemicals is reinforced by the fact they have proved to be common organic indoor
air pollutants [63] and extremely toxic by inhalation [64,65]. Finally, both acetic acid and toluene, being
solvents of PHB and PS, respectively, were expected to be able to easily penetrate inside fibers. However,
the analyzed vapors flowed in low concentrations (acetic acid and toluene up to 1000 and 1200 ppm,
respectively) to avoid the poisoning of the sensing layers. Such a missing effect (i.e., the poisoning) was
supported by no change in the baseline of the transient sensor responses, confirming that no chemical
interaction had resulted in a permanent variation of the polymer structure. Thus, known concentrations of
toluene vapors were generated and flowed throughout the sensor measuring chamber, and the related
electrical changes are depicted in Figure 8. The shape of the transient responses (Figure 8a) pointed out
quick responses to toluene at each temperature, ranging between 50 and 70 ◦C, suggesting a Langmuir-like
kinetics and reaching the plateau in a few minutes. However, unexpectedly, the sensor response (current
values) increased by heating (Figure 8), reporting the highest sensitivity at 70 ◦C (STol70: 1.76 × 10−3 ppm−1;
STol50: 9.63 × 10−5 ppm−1). The exposure to acetic acid vapors also induced fast responses, linearly related
to increasing concentrations of the sample (Figure 9). At higher temperature, sensitivity to acetic acid
increased too (SAcAc70: 14 × 10−3 ppm−1; SAcAc50: 4.4 × 10−4 ppm−1) according to an exponential rate
(Figure 9d,e). Further, a better signal/noise ratio was gathered as the temperature increased.

Figure 8. Transient responses (I/I0 versus time) upon injection of 579 ppm of toluene in dry air (a); and
response curves (ΔI/I0) to different toluene concentrations at increasing temperature values (50, 60
and 70 ◦C) (b).
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Figure 9. Transient responses (I/I0 versus time) upon injection of different concentration of acetic acid
in dry air at: 70 ◦C (a); 60 ◦C (b); and 50 ◦C (c); sensitivity dependence on the working temperature (d);
and response curves (ΔI/I0) to increasing acetic acid concentrations and increasing temperature (e).

Figure 10 depicts, in semi-logarithm scale, a comparison among the sensitivities to the selected
chemicals, enhancing the different affinity of the material to each analyte, the same positive trend for
the VOCs and the divergent trend (i.e., sensitivity decreasing) for water vapors. Therefore, going from
50 to 70 ◦C, the sensitivity to water vapors became five times lower; conversely, to acetic acid and
toluene, it was about 32 and 18 times greater, respectively. Another significant sensor feature is the
limit of detection (LOD) defined as the lowest concentration of the analyte that can be detected by the
sensor under given conditions, particularly at a given temperature. Thus, LODAcAc70 and LODTol70
(three standard deviations of the blank) were lowered up to ~1 and ~3 ppm, respectively.

Figure 10. Sensitivity values changes to water vapors, toluene and acid acetic, respectively, depending
on the sensor working temperature.

Porphyrin contribution to the sensor features was highlighted by the shape of the normalized
response rate, which described the current variation per ppm in time during the exposure to the VOCs flow
(Figure 11a). When toluene molecules kept in touch with the fibrous surface within the first 60 s (60 ◦C),
a seven times higher response rate to toluene was measured for H2TPP-PsB-MGC sensor than PsB-MGC
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(specifically from 6.75 × 10−4 ± 1.95018 × 10−5 ppm−1 s−1 to 4.90 × 10−3 ± 6.27 × 10−5 ppm−1 s−1).
This temperature value was chosen because the current values of both sensors were comparable (Figure 11).
The kinetic adsorption profile followed a classical Langmuir profile in both sensors but with different
magnitude and adsorption rate. Since both sensors were operating at the same temperature and same
toluene concentration, the main parameters involved in the sensor response were expected to be related to
the number of the available binding sites and the adsorption energy (features defining the affinity between
analyte and surface) [66]. Additionally, toluene could efficiently mediate the electron transfer between
porphyrin and MGC. On the other hands, this organic compound could provide conformational changes
of both macromolecules and hosting polymer chains (PS), thus contributing to the redistribution of the
graphene network, which is responsible for the charge flow. When the sensors were exposed to acetic
acid, the H2TPP inside fibers apparently was responsible for the changes in both response magnitude and
adsorption curve shape, Langmuir-like and Henry-like to with and without porphyrin sensor, respectively
(Figure 11), indicating a higher affinity of porphyrin fibers to the analyte. Both transient response and
calibration curves are the results of the ad/absorbing processes that depend on the chemical affinity of the
VOCs to the material. The nanofibrous thin film can be considered as a complex and heterogeneous system
where MGCs, and their arrangement through the fibers, are responsible for the resulting electrical features.
Thus, the analytes have to be able to diffuse through the polymer–porphyrin matrix to be adsorbed onto
the mesopores (or structural defects) and/or the planar surfaces of graphene, determining the changes
in the charge density. The mesoporous structure could work as nucleation center for entrapping and
growing molecules, such as AcAc, with multiple functional groups. Simultaneously, specific hydrogen
bond interaction with the four nitrogen atoms, arranged in the core of the macrocycle structure, could
occur [67]. Since all VOCs induced a rise in current, the effect on network distribution inside fibers could
be considered the dominant one. The active contribution of porphyrin to the VOCs adsorption and to the
electrical mechanisms is visualized in Figure 11b,d, whereas the changes of sensitivities in temperature
for both sensors enhanced the opposite curve trend: sensitivity decreasing by heating in PsB-MGC sensor
and conversely increasing in H2TPP-PsB-MGC.

Figure 11. Comparison of the normalized response rate (a,c) and sensitivities (b,d) of H2TPP-PsB-MGC
and PsB-MGC to toluene (a,b) and acetic acid (c,d), respectively.
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4. Conclusions

The present study reported the development of a conductive nanofibrous and nanocomposite
polymer sensor combined with a free-base tetraphenylporphyrin, having the role of driving the
selectivity and sensitivity of the polymer layer. Electrospinning technology allowed, in a single step
and for 2 min, the fabrication of a pink-colored and highly porous layer adhering to the surface of the
electrode. The sensor was able to work in a stable and reproducible way between 50 and 70 ◦C without
any significant degradation, and revealing non-linear relationships between the conductivity and the
temperature. The electrical conductivity increased when temperature increased, presumably due to the
improving of the connectivity of the MGC networks. The effects of the porphyrin appeared significantly
in the morphology of fibers (which were smoother and thinner than the porphyrin-free fibers) and
in the electrical features. In fact, H2TPP-Ps-MGC resulted more resistive at lower temperature,
but became much more conductive than PsB-MGC when the chemiresistor worked at 60–70 ◦C, due to
the rearrangement of MGC through the polymer fiber and presumably favored by the aromatic planes
of H2TPP facing graphene surfaces and phenyl groups of PS. It means that, at a higher temperature,
H2TPP tends to promote the fibrous layer conductivity. Furthermore, porphyrin not only increased the
sensor sensitivity to toluene vapor (i.e., adsorption and diffusion favored), which was not revealed by
PsB-MGC, but also increased with increasing temperature, differently from what occurred in PsB-MGC,
whereas the sensitivity to VOCs decreased with heating. Further studies are needed to understand the
whole mechanism of ad/absorption occurring between MGC–polymer–porphyrin and the VOCs/gas
as well as the role of each polymer inside the fibers when the working temperature changed. However,
this preliminary study suggests that this complex and nanostructured polymer matrix is expected
as a challenging tool, where sensitivity and selectivity, now driven by temperature and a free-base
porphyrin, would be designed and ruled taking into account a series of new combinations to create
polymer composite sensors able to work alone or in array, at low cost, with fast responses, easy to be
produced in large-scale and to be applied for multifaceted environments.
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Abstract: Nanofibrous membranes based on polycaprolactone (PCL) have a large potential for use
in biomedical applications but are limited by the hydrophobicity of PCL. Blend electrospinning
of PCL with other biomedical suited materials, such as gelatin (Gt) allows for the design of
better and new materials. This study investigates the possibility of blend electrospinning PCL/Gt
nanofibrous membranes which can be used to design a range of novel materials better suited for
biomedical applications. The electrospinnability and stability of PCL/Gt blend nanofibers from a
non-toxic acid solvent system are investigated. The solvent system developed in this work allows
good electrospinnable emulsions for the whole PCL/Gt composition range. Uniform bead-free
nanofibers can easily be produced, and the resulting fiber diameter can be tuned by altering the
total polymer concentration. Addition of small amounts of water stabilizes the electrospinning
emulsions, allowing the electrospinning of large and homogeneous nanofibrous structures over a
prolonged period. The resulting blend nanofibrous membranes are analyzed for their composition,
morphology, and homogeneity. Cold-gelling experiments on these novel membranes show the
possibility of obtaining water-stable PCL/Gt nanofibrous membranes, as well as nanostructured
hydrogels reinforced with nanofibers. Both material classes provide a high potential for designing
new material applications.

Keywords: biomaterial; biomedical; nanofibers; scaffolds; reinforced; hybrid material; thermal analysis;
nanofibrous membranes

1. Introduction

Electrospun nanofiber membranes have gained a lot of attention the past few years. Their striking
resemblance to the morphology of the extracellular matrix (ECM) made them especially interesting
for biomedical applications. Nanofibrous membranes can, unlike structures with porosity on a
larger scale, provide an environment closely mimicking the natural ECM by providing appropriate
cell binding sites. Cell behavior and functionality can be controlled by man-made nanofibrous
scaffolds, which are therefore increasingly being used in tissue engineering and wound-healing
applications [1,2]. Solvent electrospinning provides a relatively simple way to produce nanofibers
from polymer solutions and is therefore currently the most commonly applied processing technique.
To fully exploit the potential of electrospun nanofibrous materials, further research toward the use
of less toxic, more economical solvents and a stable electrospinning process suitable for upscaling,
is essential.
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Polycaprolactone (PCL) is commonly used in biomedical products, ranging from sutures or staples
for wound closure to contraceptive devices. This is mainly due to its tunable degradation profile,
in combination with low cost, easy production and availability of medical-grade material [3,4]. It is
thus not surprising that PCL nanofibers for biomedical applications have also been developed [5–10].
The practical application of PCL nanofibers in the biomedical field, however, is severely limited due to
the hydrophobic properties adversely affecting cell affinity. Although the nanofiber morphology closely
resembles the ECM, its complexity in terms of composition, biological functionality and biophysical
properties makes it difficult to reproduce using single polymer systems. Blending synthetic and natural
polymers offers the opportunity to tune physical properties and bioactivity while minimizing the
disadvantages of both polymer components, thus more closely resembling the native ECM [2,11–13].
Compared to the use of copolymers or modified nanofibers, blending offers an alternative approach
that is simple and economical [14].

A wide variety of natural polymers are available for biomedical applications, including several
polypeptides and polysaccharides. They provide the desired biological properties in a blend and are
biodegradable. Gelatin (Gt) is a commercial polypeptide widely available in medical-grade material and
very suitable for biomimetic applications since it displays many integrin binding sites for cell adhesion
and differentiation [15–19]. Although it is possible to produce pure Gt nanofibers [20], blending with PCL
can give rise to superior mechanical properties [21–23], increasing its application potential.

Our previous work showed that Gt nanofibers are cold-water-soluble due to their high
surface-to-volume ratio which promotes water penetration and dissolution. They can be used as an
instant cold gel. This presents opportunities for PCL/Gt blended nanofibrous membranes to design
new hybrid materials for biomedical applications. In this article, we develop a non-toxic and economical
solvent system for the production of PCL/Gt blend nanofibers by electrospinning. An acetic acid
(AA)/formic acid (FA) solvent system is selected based on our previous work in which pure PCL and
pure Gt nanofibers were produced [5,20]. Several PCL/Gt blend nanofibrous membranes with varying
compositions are electrospun and their morphology is characterized. Cold-gelling experiments are
performed on nanofibrous membranes with varying PCL/Gt ratio to study its effect on the gel formation
of the Gt component and the resulting structure of these novel materials.

2. Materials and Methods

2.1. Materials

Polycaprolactone (average Mn of 80 kg·mol−1) was purchased from Sigma-Aldrich (Overijse,
Belgium). Commercial gelatin isolated from pigskin by the acidic process (type A pharma-grade,
300 Bloom) was kindly supplied by Rousselot, Ghent, Belgium. Both polymers were used as-received
for the electrospinning process. AA (99.8 vol%) and FA (98.0 vol%) were supplied by Sigma-Aldrich
(Overijse, Belgium).

Efforts in optimization also included testing of a lower molecular weight PCL (average Mw

14 kg·mol−1) purchased from Sigma-Aldrich (Overijse, Belgium) and a gelatin isolated from bovine
bones by the alkaline process (type B pharma-grade, 260 Bloom) kindly supplied by Rousselot,
Ghent, Belgium.

2.2. Electrospinning

The electrospinning process allows for easy production of nanofibers using polymer solutions,
and is more thoroughly described for PCL and gelatin in our previous papers [5,20]. Blend nanofibers
are obtained when the solution used for electrospinning contains two (or more) polymer components.

The PCL/Gt electrospinning solutions were obtained by simultaneous dissolution of PCL and
gelatin, allowing for variations in solvent ratio, total polymer concentration and polymer ratio.
The electrospinning solutions were characterized prior to use by their viscosity and conductivity.
Viscosity was measured using a Brookfield viscometer LVDV-II (standard deviation was on average
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8%, Brookfield, Middleboro, MA, USA) and conductivity was determined by a CDM210 conductivity
meter of Radiometer Analytical (standard deviation was on average 11%, Düsseldorf, Germany).

All electrospinning trials for process optimization were performed using a mono-nozzle setup,
leading to a scalable electrospinning process. Nanofibrous membranes for subsequent analysis were
electrospun using a multinozzle or rotating drum setup at low speed [24,25], already providing
upscaled samples. The latter samples were electrospun using the AA/FA solvent system (solvent ratio
as specified in the text), a polymer concentration of 13 wt% (PCL/Gt ratio as specified in the text),
a flow rate of 1 mL·h−1, a tip-to-collector distance of 12.5 cm and the applied voltage adapted for
stable electrospinning.

The electrospun samples were examined by scanning electron microscopy (FEI Quanta 200 F,
Thermo Fisher Scientific, Eindhoven, The Netherlands) at an accelerating voltage of 20 kV.
Sample preparation was done using a sputter coater (Emitech SC7620, coating with Au, Rotterdam,
The Netherlands). The nanofiber diameters were measured using ImageJ version 1.48, https://imagej.net.
The average fiber diameters and their standard deviations are based on 50 measurements per sample.

2.3. Water Treatment of PCL/Gt Blends

Water treatment of PCL/Gt blend nanofibrous membranes was done by washing the samples
in a large quantity of demineralized water at 35 ◦C (maximal temperature without affecting PCL
nanofibrous structure) for 30 s. Four repetitions were done before further drying at ambient
temperature for over 24 h.

2.4. Materials Characterization

Solution cast films (prepared by solution casting in Teflon evaporation dishes of the electrospinning
solution) and nanofibrous membranes were characterized using a Fourier Transform Infrared (FTIR,
Thermo Fisher Scientific, Eindhoven, The Netherlands) spectrometer with Attenuated Total Reflectance
(ATR) accessory (diamond crystal) from Thermo Scientific. The spectra were recorded in the range
4000–400 cm−1 with a resolution of 4 cm−1. 32 scans were averaged for each spectrum. The films were
prepared by sampling the electrospinning solution and solution casting onto Teflon evaporation dishes.
All nanofibrous membranes were measured as-spun. Additionally, PCL/Gt nanofibrous membranes
were also measured after (partial) removal of gelatin by water treatment as detailed above.

Differential scanning calorimetry (DSC) measurements were performed using a TA Instruments
(Asse, Belgium) Q2000 equipped with a refrigerated cooling system and using nitrogen as purge
gas (50 mL·min−1). The instrument was calibrated using Tzero technology, including a temperature
calibration with indium. DSC measurements were performed on samples of 3.00 ± 0.30 mg conditioned
at 65% RH for 24 h, enclosed in hermetic Tzero aluminum crucibles and at a heating rate of 2.5 K·min−1.
The standard deviation of the melting enthalpy of PCL nanofibers was 5%.

Dynamic Mechanical Analysis (DMA) measurements were done using a TA Instruments Q800
(Asse, Belgium), equipped with liquid nitrogen cooling (LNCS) and film tension clamps. Calibration
was done according to a manufacture-defined procedure. Temperature calibration was performed by
means of the melting transition of gallium. Films and nanofibrous membranes were measured in film
tension mode, using a Poisson’s ratio of 0.44, a frequency of 1 Hz, a strain of 0.5%, a static force of
0.01 N and a heating rate of 2.5 K·min−1. The measurements were performed on as-spun nanofibrous
membranes at room humidity (40 ± 10% RH). The samples were not heated above 30 ◦C to avoid
melting of the PCL component.

3. Results and Discussion

3.1. Electrospinning of PCL/Gt Blend Nnanofibers Using AA/FA

Our previous investigation of the pure components illustrated that both PCL and gelatin are
electrospinnable when dissolved in AA/FA, and this for several concentrations and solvent ratios [5,20].
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There is a significant overlap of solution and processing parameters for the stable electrospinning
of the pure polymers. Based hereon, a total polymer concentration of 13 wt% and a 70/30 AA/FA
solvent system were chosen as a starting point for the blend electrospinning (tip-to-collector distance
(TCD)) of 12.5 mm, flow rate of 1 mL·h−1. This solvent choice minimizes the amount of FA,
which minimizes degradation of PCL [5], while guaranteeing electrospinning of fine bead-free PCL
and gelatin nanofibers.

As illustrated in Figure 1, the full range of PCL/Gt blend ratios is well electrospinnable using
the chosen parameters. Indeed, uniform bead-free PCL/Gt nanofibers could be produced in a
stable manner for all compositions. Although the conductivity of the electrospinning solution
increases significantly, and the viscosity markedly drops with increasing gelatin content (Figure S1),
no remarkable differences in nanofiber diameter were observed. Variations in total polymer
concentration with a fixed polymer ratio, on the other hand, do affect fiber diameter. Electrospinning
of a 50/50 PCL/Gt blend solution results in a stable process and bead-free nanofibers for polymer
concentrations between 9 wt% and 17 wt%. Within this electrospinnable window, the nanofiber
diameter could be tuned between 140 nm and 550 nm respectively (Figure 2). Blend electrospinning of
PCL/Gt using the AA/FA solvent system is thus highly flexible, with both the PCL/Gt ratio and the
fiber diameter adjustable to the end application.

 
Figure 1. Scanning electron microscopy (SEM) images of PCL/Gt blend nanofibers electrospun using
a total polymer concentration of 13 wt% and 70/30 AA/FA (TCD of 12.5 cm, flow rate of 1 mL·h−1

and voltage adjusted in the range of 15–20 kV for stable electrospinning): (a) 100/0 PCL/Gt, (b) 70/30
PCL/Gt, (c) 50/50 PCL/Gt, (d) 30/70 PCL/Gt and (e) 0/100 PCL/Gt. All PCL/Gt blend ratios were
well electrospinnable.

Although this clearly did not impede electrospinnability, all the PCL/Gt blend solutions were
opaque due to a phase separation resulting in emulsions. The homogeneous emulsions gradually
evolved toward two completely separated clear phases over the course of a few hours after complete
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dissolution. Within this time frame, however, neither process stability nor fiber morphology were
affected. Additionally, continued stirring of the emulsions makes stable electrospinning possible for
much longer dwell times (no visible phase separation after 48 h).

PCL degrades significantly in the AA/FA solvent system with prolonged dwell times in solution [5].
Therefore, the polymer blend degradation was investigated for longer dwell times in solution through
viscosity measurements (Figure S2). Although the reduction in solution viscosity is not as large as for pure
PCL (about 40% after 48 h in 70/30 AA/FA), 50/50 PCL/Gt blends are also characterized by a decrease
in viscosity with increasing dwell time in the acid solution (about 20% after 48 h in 70/30 AA/FA). This is
probably mainly due to PCL degradation [20], resulting in slightly smaller fiber diameters (276 ± 67 nm
after 3 h in solution vs. 233 ± 47 nm after 48 h in solution). Despite the small change in fiber morphology,
process stability was not affected by PCL degradation. Using a continuously stirred PCL/Gt emulsion in
70/30 AA/FA, uniform bead-free nanofibrous membranes can thus be produced over the course of 48 h,
with only a slight influence on fiber diameter.

As the electrospinning remains stable for a prolonged time, PCL/Gt blend electrospinning using the
AA/FA solvent system was readily scalable to produce large nanofibrous membranes. Homogeneous
nanofibrous membranes with a nominal size of 300 × 300 mm2 were produced on a multinozzle setup.
Their uniformity was validated by using SEM and FTIR analysis at several points throughout the
membrane. No significant differences in fiber morphology or diameter were observed. Similarly, for all
PCL/Gt blend ratios, FTIR spectra were identical within a single membrane, even though they were
electrospun using emulsions. Pure PCL and pure gelatin are characterized by a few non-overlapping
peaks in their FTIR spectra (Figure S3 and Table S1) [22,26,27]. Therefore, a qualitative indication of the
PCL/Gt composition of the nanofibrous membranes is given by the ration of the carbonyl stretching
peak of PCL and the amide I peak of gelatin. The 70/30 AA/FA solvent system thus allows for
stable, reproducible, and scalable production of PCL/Gt blend nanofibers with high flexibility in fiber
composition and diameter.

 

Figure 2. SEM images of 50/50 PCL/Gt blend nanofibers electrospun using 70/30 AA/FA (TCD of
12.5 cm, FR of 1 mL·h−1 and E adjusted for stable electrospinning) with a total polymer concentration
of (a) 9 wt%, (b) 13 wt% and (c) 17 wt%. Varying the total polymer concentration significantly affects
fiber diameters.

3.2. Stabilizing the Electrospinning Emulsions by Tuning the Solvent System

Water could be added to the electrospinning solutions up to 5 vol% without affecting solubility
of the polymers. It stabilizes the solutions and hinders the phase separation of the PCL/Gt blends
into two completely separated phase (the gelatin-rich phase settles at the bottom of the container
without continued stirring). This makes electrospinning of bead-free PCL/Gt blend nanofibers
possible for low gelatin concentrations without continued stirring (Figure 3b). Moreover, using
a 70/25/5 AA/FA/water solvent system, the settling phenomenon can be prevented for gelatin
concentrations up to 20 wt% of the total polymer mass. A similar effect has been reported by Feng
et al., who illustrated that addition of a small amount of AA to a trifluoroethanol solution increases
PCL-gelatin miscibility [22].
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Figure 3. SEM images of 85/15 PCL/Gt nanofibers produced using a polymer concentration of 13 wt%
but with differing solvent systems: (a) An emulsion unstable in time; (b) An emulsion stable in time,
and; (c) A clear solution stable in time.

Alternatively, the effect of a changing the AA/FA solvent ratio was investigated. With an
increasing FA concentration, miscibility is slightly improved. Although the gelatin-rich phase still
settles on the bottom of the container when stirring is stopped, the PCL-rich upper phase contains
more gelatin with decreasing AA/FA ratio of the solution. This is clearly illustrated by FTIR analysis
of solution cast films of the upper and lower phase of an emulsion kept at rest (Figure 4). The gelatin
peaks of the PCL-rich upper phase are much more pronounced when dissolved in 30/70 AA/FA
(APCL/AGt = 1.5) than in 70/30 AA/FA (APCL/AGt = 21.3) (Figure 4 red curves, b vs. a), pointing to a
higher gelatin concentration. Due to this higher miscibility in the PCL-rich phase, clear solutions stable
in time were obtained for gelatin concentrations up to 30 wt% of the total polymer mass when using
the 30/70 AA/FA solvent system. These clear and stable solutions were well electrospinnable, giving
rise to bead-free nanofibers with reproducible diameters (Figure 3c). FTIR analysis of the obtained
nanofibrous membranes, however, showed no differences in composition compared to the membranes
electrospun using emulsions in 70/30 AA/FA (Figure S4). Consequently, the increased miscibility in
30/70 AA/FA does not affect nanofiber composition on the mm-scale.

Figure 4. Normalized Attenuated Total Reflectance-Fourier-transform infrared spectroscopy (ATR-FTIR)
spectra of films obtained by solution casting the upper (red) or lower (blue) phase, representing the
continuous and dispersed phase respectively, of a PCL/Gt emulsion in (a) 70/30 AA/FA or (b) 30/70
AA/FA left at rest.
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3.3. Interactions between the PCL and Gt Components by Thermal Analysis

The interactions and miscibility of polymer components in a blend often affect the thermal properties
of the blend compared to their pure counterparts. Indeed, in a polymer blend containing a crystallizable
component, a decrease in melting temperature and/or crystallinity is often observed; interaction between
chains and chain segments of the blend components can cause a decrease in lamellar thickness of the
crystals and/or a decrease in the amount of crystallizable material [28–31]. Additional to changes in
melting behavior, also the glass transition is possibly affected by blending [28,32], with completely
miscible polymer blends showing only one intermediate Tg. Therefore, the PCL/Gt blend nanofibers
were analyzed using DSC and DMA and compared to the melting behavior and glass transition to pure
PCL nanofibers.

While studying PCL/Gt blend nanofibers using DSC, care has to be taken when analyzing the
PCL melting endotherm, since dissociation of gelatin triple helices occurs within the same temperature
range [20]. However, the heat effect of this triple helix dissociation is far less than the melting enthalpy
measured for pure PCL nanofibers, namely about 4 J·g−1 and about 70 J·g−1 respectively. The endothermic
transition can thus mainly be attributed to the PCL component. As expected, DSC analysis of PCL/Gt
blend nanofibers shows a clear decrease in overall melting enthalpy (Figure 5a). This decrease is in
line with the decreasing PCL concentration. Indeed, recalculation of the overall melting enthalpy as a
function of PCL mass results in values of about 70 J·g−1 for all samples (Table 1). The value for 15/85
PCL/Gt nanofibers is slightly higher, probably due to a more significant overlapping heat effect of the
triple helix dissociation within the gelatin component and a larger error. Overall, however, the PCL
melting enthalpy does not seem to be significantly decreased due to blending. Additionally, the melting
trace showed a peak value (Tp) of 55 ± 1 ◦C for all samples. These results indicate that blending of PCL
with gelatin does not significantly affect the melting behavior of the PCL component and interaction
between the components is thus low. This also confirms that the analyzed nanofibers contain the expected
amount of PCL and gelatin, pointing to a homogeneous blend composition throughout the membranes.
Similar results were obtained for all investigated solvent systems (70/30 AA/FA, 30/70 AA/FA and
70/25/5 AA/FA/water). Nanofiber composition, uniformity and PCL-gelatin interactions are thus not
affected when electrospinning a clear solution compared to an emulsion. DMA analysis on 85/15 PCL/Gt
blend nanofibers illustrated that the glass transition of PCL is hardly affected compared to pure PCL
(Figure 5b). This again points to weak interactions and low miscibility between PCL and gelatin.

Figure 5. The effect of blending with gelatin, using a 70/30 AA/FA solvent system, on (a) the melting
behavior and (b) the glass transition of PCL-based nanofibers measured by DSC at 2.5 K·min−1 and by
DMA respectively.
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Table 1. Melting enthalpy measured using DSC (Figure 5a), as a function of total polymer mass and
recalculated as a function of PCL mass.

Nanofibrous Membranes
ΔHm

(Joules per Gram Fiber)
ΔHm

(Joules per Gram PCL)

PCL 71 71
85/15 PCL/Gt 61 72
50/50 PCL/Gt 29 68
15/85 PCL/Gt 12 80

3.4. Cold-Water Solubility of the Gelatin Component

As discussed in our previous paper, gelatin nanofibers are cold-water-soluble and dissolve to
form a hydrogel in water at room temperature when they are not cross-linked [20]. Blending with
PCL could affect this property. The 85/15 PCL/Gt nanofibers do not show significant changes in
nanofiber morphology when submerged in cold water, suggesting the gelatin component to be not
dissolved. With increasing gelatin concentration, however, a fiber-reinforced hydrogel is obtained,
where gelatin partly gels but a nanofibrous network mainly consisting of PCL remains. Although water
stability through cross-linking can easily be obtained [33], nanofiber-reinforced gelatin hydrogels could
prove to be a promising biomedical material [34–36], combining a soft and elastic consistency while
allowing for cell support on a nanofibrous membrane with increased porosity. To characterize the
nanofibrous reinforcing structure and gain insight into the phase morphology of PCL/Gt nanofibers,
the water-soluble gelatin fraction was removed using water of 35 ◦C.

All nanofibrous membranes having a PCL concentration of ≥50% still showed structural integrity
after water treatment. It was, therefore, possible to characterize them using SEM and FTIR (Figure 6
and Table 2). Additionally, the mass loss of the membranes was determined. Since the water treatment
procedure does not affect pure PCL nanofibers (Figure 6a,e), this mass reduction can be attributed to a
decrease in gelatin content, resulting in a new PCL/Gt ratio.

SEM analysis, the measured mass loss and FTIR analysis all clearly indicate that the rinsing
procedure only has a minor influence on 85/15 PCL/Gt nanofibers. Indeed, fiber morphology before
and after water treatment is comparable (Figure 6b,f), and the FTIR spectra were identical, resulting
in similar APCL/AGt ratios (Table 2). A similar result was obtained for 85/15 PCL/Gt nanofibers
electrospun using 30/70 AA/FA (clear solutions). The phase separation in the electrospinning solution
thus only has a minor effect on the final PCL/Gt fiber morphology. Although PCL-gelatin interaction
within the nanofibers is low according to our thermal analysis, the gelatin component no longer
dissolves in water. This indicates that the gelatin-rich phase is finely dispersed throughout the
nanofibers, so that the hydrophobicity of PCL prevents gelatin dissolution.

298



Nanomaterials 2018, 8, 551

 

Figure 6. SEM images of PCL/Gt blend nanofibers (13 wt%, 70/30 AA/FA) with different PCL/Gt
ratios (a–d) before and (e–h) after water treatment, i.e., rinsing with demineralized water at 35 ◦C.
Mass loss is calculated by weighing the dried weight. Based on this mass loss of gelatin, a new PCL/Gt
ratio was calculated for the rinsed samples.

Table 2. Composition of the nanofibrous membranes before and after water treatment, analyzed using the
ratio of the carbonyl stretching peak of PCL and the amide I peak of gelatin measured using FTIR. After
water treatment, the composition is comparable and reflecting a gelatin concentration of about 15 wt%.

Nanofibrous Membranes
APCL/AGt

before Water Treatment
APCL/AGt

after Water Treatment

85/15 PCL/Gt 4.9 5
70/30 PCL/Gt 2.3 4.7
50/50 PCL/Gt 0.9 3.1 *

* A slightly higher gelatin concentration is measured, probably due to the gelatin film covering the membrane,
as demonstrated in Figure 6h.

With increasing gelatin content, there is a significant amount of gelatin dissolved by rinsing in
demineralized water at 35 ◦C, as evidenced by the mass loss and the decreasing amide I peak of
gelatin in the FTIR spectra (Figure 6 and Table 2 respectively). The influence on the fiber diameter;
however, is only small, especially for 70/30 PCL/Gt nanofibers, and no porosity of individual
nanofibers is observed (Figure 6g). Additionally, the new PCL/Gt ratio after extraction is about
85/15. It is, therefore, hypothesized that a 70/30 PCL/Gt nanofibrous membrane is built up by a
mixture of PCL-rich and gelatin-rich nanofibers. The PCL-rich nanofibers within the membrane contain
about 15 wt% of gelatin and are not affected by water treatment, similar to 85/15 PCL/Gt nanofibers.
The gelatin-rich nanofibers are dissolved, possibly leaving some PCL residue upon rinsing (Figure 6g).
Although there are clearly still intact nanofibers present in the 50/50 PCL/Gt nanofibrous membranes
after water treatment, a gelatin film is observed in SEM analysis (Figure 6h). This indicates that the
gelatin polypeptide chains are sufficiently immobilized by entanglements with the PCL component to
prevent removal by dissolution. Moreover, the gelatin phase must be present more toward the shell of
the nanofibers, causing film formation and a slightly higher APCL/AGt ratio in FTIR (Table 2).

These results indicate that PCL/Gt blend nanofibrous membranes have a high potential for
advanced biomedical material design. On one hand, water-stable PCL/Gt blend nanofibrous
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membranes can be produced for gelatin concentrations up to 15 wt%. On the other hand, for higher
amounts of gelatin, cold-gelling when in contact with water is possible, giving rise to a nanostructured
hydrogel that is physically reinforced by PCL nanofibers. The nanofibers in these nanostructured
reinforced hydrogels consist of PCL-rich nanofibers that still contain a significant amount of gelatin
(about 10 to 15 wt%).

4. Conclusions

In conclusion, the AA/FA-based solvent system allows for stable, reproducible, and scalable
PCL/Gt blend electrospinning with high flexibility, this while the toxicity of the solvent system is
significantly reduced compared to traditionally utilized solvents. Indeed, dissolution of PCL/Gt
blends in 70/30 AA/FA yields well electrospinnable emulsions for the whole PCL/Gt composition
range. Although these emulsions are subject to settling of the gelatin-rich phase, uniform bead-free
nanofibers can easily be produced within a time frame of a few hours or by continued stirring of
the electrospinning solution. Additionally, the resulting fiber diameter can be tuned by altering the
total polymer concentration. Using 30/70 AA/FA, stable and clear electrospinning solutions are
obtained for gelatin concentrations up to 30 wt% due to increased miscibility. Further augmentation of
gelatin concentration results in phase separation with the formation of an unstable emulsion. For all
PCL/Gt ratios, process stability is best, and toxicity is minimized using 70/30 AA/FA. For gelatin
concentrations up to 20 wt%, substitution of 5 vol% acid with water stabilizes the emulsion for over
48 h, making electrospinning possible without continued stirring or compromising the lower toxicity
of the solvent system.

The resulting PCL/Gt nanofibrous membranes are water-stable up to gelatin concentrations of
15 wt%, irrespective of the possible phase separation in the electrospinning solution used for production
(emulsion vs. clear miscible solution). It is hypothesized that membranes containing a higher
amount of gelatin are built up of a mixture of nanofibers mainly consisting of PCL (~85/15 PCL/Gt)
and nanofibers mainly consisting of cold-water-soluble and cold-gelling gelatin. The PCL-gelatin
interactions within the nanofibers were low, as blending did not seem to affect the glass transition or
melting of the PCL component. If the original nanofibrous membrane contains a high amount of gelatin
(>15 wt%), cold-gelling when in contact with water is possible, giving rise to a nanofiber-reinforced
physical gelatin hydrogel. This novel combination of material properties could prove to be a promising
material for biomedical applications.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/7/551/s1.
Figure S1. Viscosity and conductivity measurements of PCL/Gt blend electrospinning solutions, using the 70/30
AA/FA solvent system (a) as a function of the PCL/Gt ratio and (b) as a function of the total polymer concentration.
Figure S2. Viscosity measurements of the electrospinning solutions (PCL and/or Gt dissolved in 70/30 AA/FA)
with increasing dwell time show that PCL degrades substantially whereas the Gt component remains quite stable.
Figure S3. ATR-FTIR spectra of pure PCL and pure Gt, showing their characteristic peaks. Figure S4. Normalized
ATR-FTIR spectra of 85/15 PCL/Gt blend nanofibers electrospun using an emulsion (dissolution in 70/30 AA/FA)
or a clear solution (dissolution in 30/70 AA/FA). Table S1. Characteristic peaks of a PCL pellet and Gt powder in
ATR-FTIR, as indicated in Figure S3.
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Abstract: Sericin is a biomaterial resource for its significant biodegradability, biocompatibility,
hydrophilicity, and reactivity. Designing a material with superabsorbent, antiseptic, and non-cytotoxic
wound dressing properties is advantageous to reduce wound infection and promote wound healing.
Herein, we propose an environment-friendly strategy to obtain an interpenetrating polymer network
gel through blending sericin and agarose and freeze-drying. The physicochemical characterizations
of the sericin/agarose gel including morphology, porosity, swelling behavior, crystallinity, secondary
structure, and thermal property were well characterized. Subsequently, the lysozyme loaded
sericin/agarose composite gel was successfully prepared by the solution impregnation method.
To evaluate the potential of the lysozyme loaded sericin/agarose gel in wound dressing application,
we analyzed the lysozyme loading and release, antimicrobial activity, and cytocompatibility of
the resulting gel. The results showed the lysozyme loaded composite gel had high porosity,
excellent water absorption property, and good antimicrobial activities against Escherichia coli and
Staphylococcus aureus. Also, the lysozyme loaded gel showed excellent cytocompatibility on NIH3T3
and HEK293 cells. So, the lysozyme loaded sericin/agarose gel is a potential alternative biomaterial
for wound dressing.

Keywords: silk sericin; agarose; lysozyme; composite gel; wound dressing

1. Introduction

Non-healing skin wounds exposed to bacterial infections are biologically characterized by
lengthening inflammation, interfering re-epithelialization, disturbing collagen production, and finally
delaying wound healing [1]. In wound care, wound dressing is an important biomedical material used
to protect the wound from infection and facilitate wound healing [2]. Accompanied by the growing
number of chronic diseases, the wound dressing market is evolving rapidly in the present healthcare
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system worldwide [3]. The ideal wound dressing should absorb wound exudate in a manner, allow gas
exchange and maintain necessary moisture at wound interface without cytotoxicity and allergenic
response [4]. Besides, it can promote wound healing by creating a suitable microenvironment to
prevent bacterial infection and promote cell adhesion and proper proliferation [5]. Among all wound
dressing materials, hydrogel is an attractive alternative in traditional therapeutic approaches for its
multifunctional abilities such as hydrophilicity, swelling, drug delivery, and in situ gelling capacity [6].

Sericin (SS) is one of the major protein components of silk, which is discarded as a waste during the
degumming process in the textile industry [7]. Sericin is a natural protein, exhibiting immense potential
in the field of biomaterial owing to its biodegradability, easy availability, and hydrophilicity [8].
Sericin has numerous biological activities such as anti-oxidation, anti-bacterium, and anti-coagulation,
promoting cell growth and differentiation [9]. However, sericin is physically fragile and highly
soluble due to its amorphous nature [10], which is unsuitable for biomedical applications. Hence,
in order to obtain desired material with improved properties for regenerative medicine application,
sericin is mostly designed to copolymerize, crosslink, or blend with other polymers as it has polar
side chains with diverse functional groups, such as amine, hydroxyl, and carboxyl groups [11–15].
Agarose (AR) is a transparent, neutrally charged, and thermo-reversible natural polysaccharide [16].
Agarose is used extensively in vitro cartilage tissue engineering as it provides a superior foundation
for chondrogenesis and higher glycosaminoglycan deposition to produce constructs with functional
properties approaching those of native articular cartilage [17,18]. Additionally, agarose gel is considered as
a biological scaffold material for the central nervous system repair and regeneration due to its excellent
mechanical properties which can well match the growth and control of nerve axis, the porous structure
which is conducive to nutrient delivery, and the implant which does not cause adverse reactions [19].
However, agarose shows low cell adhesiveness and cell proliferation activity in vivo [20]. Therefore,
blending agarose with other polymers such as chitosan and gelatin to overcome the valid drawbacks
has escalated in recent years [21,22]. Consequently, the present study brought together the innate
advantages of sericin and agarose to fabricate a blended hydrogel for prospective application in
a wound dressing.

Nevertheless, the hydrogel is limited as a wound dressing material because it may paradoxically
provide a preferred environment for infectious bacteria. To prevent bacterial infection on both skin
wound and dressing material, antibiotics such as penicillin and methicillin have been widely used.
However, the widespread and indiscriminate use of antibiotics now constitutes a major health concern
worldwide due to the emergence of numerous resistant pathogens [23]. Therefore, tremendous attention
has been paid to the discovery and development of alternative novel antibiotics, particularly with
new modes of action to overcome the resistance. Lysozyme is a natural antibacterial agent that has
been isolated from the cells and secretions of virtually all the living organisms [24]. Lysozyme plays
the role of the anti-microbial agent through catalyzing the hydrolysis of β-1,4 glycosidic bonds
between N-acetylmuramic acid and N-acetylglucosamine in peptidoglycans of the bacterial cell
wall [25]. It is commercially available at low cost, and classified as GRAS grade by the Food and Drug
Administration (FDA, US) and as a food additive by the European Union (E 1105) [26]. Lysozyme has
been extensively applied as antibacterial agents in wound dressing and protein separation [27].
Accordingly, the development of lysozyme-based antimicrobial material is significantly important
toward an environmentally benign antimicrobial field.

We herein developed an improved lysozyme (LZM) loaded sericin/agarose (SS/AR) gel
(SS/AR/LZM). Scanning Electronic Microscopy (SEM), Attenuated Total Reflection Fourier Transform
Infrared Spectroscopy (ATR-FTIR), X-ray Diffraction (XRD), Thermogravimetric Analysis (TGA),
and swelling behavior test were performed to characterize the physicochemical properties of SS/AR gel.
We successfully fabricated lysozyme loaded SS/AR composite biomaterials by solution impregnation
method. We investigated the lysozyme loading and release, the antimicrobial activity of SS/AR/LZM
gel against typical Gram negative/positive bacteria Escherichia coli (E. coli) and Staphyloccus aureus
(S. aureus). In addition, the cytotoxicity of the lysozyme loaded SS/AR gel was evaluated on NIH3T3
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and HEK293 cells. The results suggested that the SS/AR/LZM gel with antimicrobial activity and
cytocompatibility has a great potential in wound dressing application.

2. Materials and Methods

2.1. Materials

Bombyx mori cocoons were provided by the State Key Laboratory of Silkworm Genome Biology,
Southwest University (China, 400716). Lysozyme (20,000 U/mg) was obtained from Sangon Biotech Co.
Ltd. (Shanghai, China). Agarose G-10 was purchased from Biowest (Nuaillé, France). Cell counting
kit-8 (CCK-8) was from Beyotime (Beijing, China). LIVE/DEAD cell viability kit was from Thermo
Fisher Scientific (Waltham, MA, USA). NIH3T3 (mouse embryonic fibroblast) and HEK293 (human
embryonic kidney) cell lines were obtained from China Infrastructure of Cell Line Resources.
Chemicals for cell culture such as Dulbecco’s modified Eagle’s medium (DMEM), Fetal Bovine Serum
(FBS), Trypsin-EDTA and Penicillin/Streptomycin were from Gibco BRL (Gaithersburg, MD, USA).
Ultrapure water was the product of Milli-Q Plus system from Millipore (Billerica, MA, USA). All other
chemicals utilized were of analytical grade.

2.2. Fabrication of SS/AR Gel

Sericin was extracted from Bombyx mori cocoons as previous reports [28,29]. Briefly, silkworm
cocoons were cut into pieces and autoclaved at 121 ◦C for 30 min to obtain sericin solution.
Subsequently, sericin solution was freeze-drying to become sericin powder, and then dissolved
in hot water. Sericin and agarose solution (2%, w/v) were mixed gently, and allowed to gel after
casting into 24-well cell culture plates. These stable hydrogels were then frozen at −80 ◦C for 12 h
followed by lyophilization for 24 h to become gels. According to the volume ratios of sericin and
agarose solution, the corresponding SS/AR gels were termed as S100A0, S75A25, S50A50, S25A75,
and S0A100, respectively.

2.3. Characterization of SS/AR Gel

SEM observation was performed on JSM-5610LV (Tokyo, Japan) with working voltage of 25 kV to
examine the surface morphologies of the gel. The porosities of SS/AR gels were calculated according to
the liquid displacement method [30]. Briefly, SS/AR gel was immersed into water (V1) in a graduated
cylinder, the total volume including water and SS/AR gel was recorded as V2. The SS/AR gel was
then removed from the cylinder and the residual water volume was recorded as V3. The porosity (p)
of SS/AR gel was calculated using the following equation:

p = (V1 − V3)/(V2 − V3) × 100%. (1)

ATR-FTIR spectra of sericin and SS/AR gel were determined in the wavenumber range of
650–4000 cm−1 at a resolution of 4 cm−1 on a Nicolet iz10 Infrared spectrophotometer from Thermo
Fisher Scientific (Waltham, MA, USA). XRD of sericin and SS/AR gel were carried out by X’Pert
powder X-ray diffraction system (PANalytical, Almelo, OV, Netherland) within a 2θ range of
10◦–70◦. The thermal behaviors of sericin and SS/AR gel were analyzed by a thermogravimetric
analyzer TGA-Q50 (TA instruments, New Castle, DE, USA) under a nitrogen flow of 20 mL/min [31].
The specimens were heated from room temperature to 600 ◦C, at a heating rate of 10 ◦C/min.

2.4. Swelling Behavior

The swelling ability of the SS/AR gel was analyzed using a conventional gravimetric method [32].
Briefly, a pre-weighed dry gel (Wd) was immersed into water at 37 ◦C for 30 min to achieve equilibrium.
The swollen weight of gel was recorded as Ws at specific time intervals. The experiment was repeated

305



Nanomaterials 2018, 8, 235

for three times under the same conditions. Swelling ratios (S) were determined as the following
equation:

S = (Ws − Wd)/Wd × 100%. (2)

2.5. Preparation of SS/AR/LZM Gel

To prepare the lysozyme loaded SS/AR gel, S50A50 was cut into a circular piece with a diameter
of 1.5 cm and then immersed into lysozyme solution (20–75 mg/mL) for 16 h. Subsequently,
the lysozyme loaded SS/AR gel was removed from lysozyme solution and freeze-dried. According to
the lysozyme concentration, the resulting SS/AR/LZM gels were termed as S50A50L20, S50A50L50
and S50A50L75, respectively.

2.6. The Loading and Release of Lysozyme

Lysozyme has a specific absorption peak at 280 nm [33], which could be used to measure the
loaded and released lysozyme concentration. Ultraviolet visible spectrophotometer was employed to
analyze the loading and release of lysozyme. The loaded lysozyme content was determined by the
difference of lysozyme concentration before and after the treatment. The circular SS/AR/LZM gel with
a diameter of 1.5 cm was dispensed into a centrifuge tube containing 4 mL of 0.01 M PBS (pH 7.4) buffer
at 37 ◦C. At special time points, an aliquot (1 mL) PBS buffer was collected to measure the absorbance
at 280 nm to determine the released lysozyme contents. Then the gel was transferred into 4 mL fresh
PBS solution for the next measurement. The cumulative release rate was determined according to the
ratio of the released and loaded lysozyme. Various lysozyme concentrations (0.1–0.6 mg/mL) were
prepared for the calibration curve. All experiments were performed in triplicate.

2.7. In Vitro Antibacterial Assay

The antibacterial activity was evaluated according to the previous procedures with a slight
modification [34,35]. SS/AR and SS/AR/LZM gels were cut pieces with 1 mm in thick and 1.5 cm
in diameter, subsequently sterilized with UV radiation for 30 min. E. coli and S. aureus were grown
in Luria–Bertani (LB) media at 37 ◦C with continuous shaking until the optical density at 600 nm
(OD600) reached about 1.5. Bacteria (500 μL) were harvested by centrifugation at 1000 rpm for 5 min
followed by washing with 0.01 M phosphate buffer saline (PBS, pH 7.4). Subsequently, bacteria were
re-suspended and diluted with PBS buffer. Next, 50 μL of the diluted bacterial suspension was cultured
at 37 ◦C for 2 h in the presence of SS/AR gel or SS/AR/LZM gel. Aliquots (1 μL) of the mixture were
diluted (1:10,000) in PBS, and then manually spread on LB agar plates. After 16 h incubation at 37 ◦C,
the units of colony formation in each agar plate were counted to check the antibacterial ability of the
gels. Each independent experiment was performed in triplicate.

2.8. Cytocompatibility Assay

NIH3T3 and HEK293 cells were cultured in high glucose DMEM supplemented with 10% FBS
and 1% penicillin/streptomycin in a humidified atmosphere of 95% and 5% CO2 at 37 ◦C. To check the
cell viability, NIH3T3 and HEK293 cells (100 μL) were loaded at the density of 1 × 104 cells/well in
96-well plates and incubated 12 h at 37 ◦C. SS/AR or SS/AR/LZM gel was sterilized by ultraviolet
radiation overnight and then added to the cell plates. Non-treated cells were used as a control.

After treated with the gels for 12 h, 24 h and 36 h, CCK-8 assay was used to assess cell viability
according to the manufacturer’s instructions. CCK-8 solution (10 μL) was added into each well and
then incubated at 37 ◦C for 1.5 h. The optical density (OD) of each well was measured at 450 nm on a
microplate reader TECAN (Mannedorf, Switzerland). The cell viability is defined as the percentage of
OD value of the treated and control wells. For each experiment, at least three samples were evaluated.
The morphologies of NIH3T3 and HEK293 cells after incubation for 24 h in the absence and presence of
SS/AR or SS/AR/LZM gel were observed on a fluorescence microscope EVOS FL Auto Cell Imaging
System (Life, Bothell, WA, USA).
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Additionally, LIVE/DEAD staining assay was carried out to further assess the effects of the gels
on the cells viability. NIH3T3 and HEK293 cells were cultured and incubated at 37 ◦C as described
above. The cells after treated with SS/AR or SS/AR/LZM gel for 24 h were incubated with staining
solution at 37 ◦C for 15 min. Then the images were collected on EVOS FL Auto Cell Imaging System.
For each sample, the experiment was done in triplicate.

3. Results and Discussion

3.1. Preparation of SS/AR/LZM Gel

In this study, we prepared the SS/AR/LZM gel with good antibacterial activity and
cytocompatibility, as illustrated in Figure 1. Sericin and agarose solution were mixed and then
freeze-dried to become a porous gel. Thereafter, lysozyme, a natural antimicrobial agent, was loaded
into the SS/AR gel. As sericin is negatively charged, agarose is neutral, whereas lysozyme is positively
charged, thus the adsorption of lysozyme into the SS/AR gel may be attributed to the electrostatic
interactions between the opposite charges of sericin and lysozyme [36]. Also, the physical adsorption
caused by free diffusion could promote the adsorption of lysozyme. In addition, lysozyme has carboxyl
group, amino groups and four disulfide bonds [37], and sericin has hydroxyl, carboxyl, and amino
groups [38]. The special hydrophilic/hydrophobic interactions between lysozyme and sericin are
also able to enhance the adsorption of lysozyme. The resulting SS/AR/LZM gel with interconnected
porous structures, high swelling ability, good antibacterial activity and cytocompatibility may be
a prospective alternative for wound dressing.

Figure 1. Schematic illustration of the fabrication of sericin (SS)/agarose (AR)/lysozyme (LZM) gel.

3.2. Morphology of SS/AR Gel

Porous materials provide space for cell growth and proliferation, and the microenvironment for the
retention and release of bioactive molecules [39]. Furthermore, the porous structure affects the supply
of nutrients and oxygen, and the removal of wastes [40], which is of utmost importance to wound
dressing. In this study, the prepared gels had macro-porous “open-cell” structures (Figure 2A–D).
The porosity of S75A25, S50A50, S25A75, and S0A100 gels were 53.17%, 49.54%, 46.17% and 59.75%,
respectively (Figure 2E). Compared to other gels, S50A50 and S25A75 gels had significantly bigger pore
sizes. This may be the fact that S50A50 and S25A75 gels could adsorb more water. After lyophilization,
the space water occupied resulted in the formation of pores. Consequently, the pore size and porosity
of gels were dependent on the ratio of sericin and agarose solution.
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Figure 2. The porous microstructures of S75A25 (A), S50A50 (B), S25A75 (C), and S0A100 (D) gels.
The porosity of gels with different ratios of sericin and agarose (E).

3.3. Characterization of SS/AR Gel

ATR-FTIR was employed to analyze the chemical interactions between sericin and agarose as ATR
technique can probe to only a shallow depth and thus emphasize any surface coatings [41]. Sericin has
a typical spectrum with distinctive peaks at 1600–1700 cm−1 (amide I, C=O stretching vibration),
1480–1575 cm−1 (amide II, N–H bending vibration), and 1229–1301 cm−1 (amide III) [42]. As shown in
Figure 3A, sericin gel had characteristic peaks at 1621 cm−1, 1521 cm−1, and 1241 cm−1, corresponding
to amide I, amide II, and amide III, respectively. Pure agarose exhibited its characteristic peaks at
1068 cm−1 (C–O, axial deformation), 930 cm−1 (3, 6-anhydro-galactose), and 891 cm−1 (C–H, angular
deformation of β anomeric carbon), the result was consistent with the previous study [43]. In the
blended gels, the characteristic peaks of both agarose and sericin were recorded, which confirmed the
presence of both components. Some slight shifts in amide I and amide II peaks, and the differences in
the intensity of peaks were observed in case of the composite gels, which indicated that the backbone
structures of sericin and agarose did not change. Lysozyme has characteristic peaks at 3295 cm−1

(NAH stretching of the free amino groups), and 2961 cm−1 (CAH stretching) as well7 as amide I
(1600–1700 cm−1), amide II (1500–1600 cm−1) and amide III (1230–1320 cm−1) [44]. Few peaks were
found to overlap with the peaks of sericin.

The crystalline structure of the composite was analyzed by XRD. Silk protein has main diffraction
peaks of Silk I (2θ = 12.2◦ and 28.2◦), and Silk II (2θ = 18.9◦ and 20.7◦) [45]. Similar XRD patterns
of sericin with peaks at 2θ = 19.2◦ and 21.15◦ have been reported [46–49]. Sericin and SS/AR gel
exhibited obvious diffraction peaks at 19.08◦ and 19.56◦, respectively (Figure 3B), which indicated the
existence of sericin in the SS/AR gel. The difference of 2θ between sericin and SS/AR gel reflect the
conversion of the random coil to β-sheet structure for the presence of the intermolecular hydrogen
bond in sericin [50].

The thermal stability of sericin and SS/AR gel were examined by TGA. Sericin and SS/AR
gel underwent three stages of thermal degradation including dehydration, deploymerization,
and decomposition (Figure 3C). The first stage was from room temperature to around 110 ◦C,
where the mass loss revealed the removal of adsorbed water molecules in sericin and SS/AR gel.
The second major decomposition was attributed to the degradation of sericin and agarose occurred
in the temperature range of 120–410 ◦C. At this stage, the mass loss of SS/AR gel was faster than
that of sericin, indicating that sericin could improve the thermal stability of the composite gels and
delay the thermal degradation process. At the last stage, the mass loss occurred from 420 ◦C to 600 ◦C,
which was associated with the breakdown of sericin and agarose.
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Figure 3. Characterizations of SS/AR gels. (A) Attenuated Total Reflection Fourier Transform Infrared
Spectroscopy (ATR-FTIR); (B) X-Ray Diffraction (XRD); (C) Thermogravimetric Analysis (TGA);
and (D) swelling ratio.

3.4. Swelling Behavior

Swelling ratio is a vital property to illustrate the uptake of liquids in wound dressing. The swelling
ratio of various SS/AR gels were shown in Figure 3D. The results showed that all samples exhibited
good swelling behavior. After 60 min, S75A25 and S0A100 gels had the swelling ratios of 3628–4196%,
whereas S50A50 and S25A75 had the swelling ratios of 3040–3262%. The swelling ratios of S75A25 and
S0A100 gels were higher than those of S50A50 and S25A75 as they had smaller pore size and higher
porosities. The swelling of the gels had two stages, including the growing period and equilibrium
period. In the initial 20 min, the swelling ratios of all samples increased quickly, indicating the excellent
hydrophilicity of the composite gels. Thereafter, all gels quickly reached the swelling equilibrium.

The SS/AR gels with various ratios had a honeycomb structure, high porosity as well as excellent
swelling capacity. In this study, we purposed to develop an alternative wound dressing through
bringing together the innate advantages of sericin and agarose. High content of sericin will reduce
the mechanical property of the gel, and high content of agarose may affect the cell adhesion and
proliferation. Hence, we suggested the SS/AR gel with a ratio of 50:50 (S50A50) had moderate
mechanical property and cytocompatibility, which may be suitable for wound dressing. The S50A50
gel was chosen for the further experiments.

3.5. Lysozyme Release

To avoid frequent replacement of the dressing and reduce the risk of overexposing wound
to bacteria, a wound dressing should have a controllable drug release ability [51,52]. The loaded
lysozyme contents of S50A50L20 and S50A50L50 gels were 24.94 mg and 50.78 mg, respectively
(Figure 4A). And the loading efficiency of lysozyme was 62% and 51% for S50A50L20 and S50A50L50
gels, respectively (Figure 4B). Increasing lysozyme solution concentration could increase the loaded
lysozyme contents, however, reduce its loading efficiency. To assess lysozyme release, we analyzed the
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correlation between lysozyme concentration and UV absorption by the standard curve. The results
showed that UV absorption was tightly correlated with lysozyme concentration (Figure 4C). Obviously,
lysozyme could be released from both S50A50L20 and S50A50L50 gels. Lysozyme release could be
divided into burst stage and steady stage (Figure 4D). During the initial burst phase, the release rate
was relatively high. This effect is associated with the diffusion of water molecules and desorption of
lysozyme close to the surface of the gel [53]. At the steady phase, lysozyme was gradually released
from SS/AR/LZM gels up to 60 h. The cumulative release of S50A50L20 and S50A50L50 gels reached
74% and 86% at 3 h, respectively. After 60 h, the cumulative release reached 98% and 99%, indicating
lysozyme was almost entirely released from the composite gels. The results suggested that the
SS/AR/LZM gel had a sustainable lysozyme releasing ability, which is required for a wound dressing.

Figure 4. The loading and release of lysozyme. (A) Lysozyme contents loaded on SS/AR gel; (B) loading
efficiency; (C) standard curves of UV intensity and lysozyme concentration; and (D) the cumulative
release of lysozyme.

3.6. Antibacterial Activity

The antibacterial activity of the composite gels toward E. coli and S. aureus were shown in
Figure 5A. Compared to the control, the total colonies number in the presence of SS/AR/LZM gels
significantly decreased, indicating the SS/AR/LZM gel had good antibacterial activity. The S50A50L20
and S50A50L50 gels exhibited the bacteria reduction rates of 76%/87% and 84%/95% toward E. coli,
S. aureus, respectively. The S50A50L75 gel completely inhibited the growth of the bacteria both for E. coli
and S. aureus, suggesting increasing lysozyme solution concentration can improve the bactericidal
ability of the composite gel as it increased the loaded and released lysozyme contents.
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Figure 5. Antibacterial activities of SS/AR/LZM gels against E. coli and S. aureus. (A) Total bacterial
colonies counting; (B, C) Bacterial colonies reduction rate.

Lysozyme is a natural antibacterial agent. Its antibacterial activity is mild compared with inorganic
and organic antibacterial agents. To improve the antibacterial effect of lysozyme, some strategies such
as physical and chemical modifications or synergistic action with other substances have been developed
in recent years [26,54–56]. In this study, the SS/AR/LZM gels for antibacterial test had a dimension
of 1 mm in thickness and 1.5 cm in diameter. The size and thickness determined the low loading
content of lysozyme. In addition, the bacterial suspension volume affected the release efficiency of
lysozyme from the gels. Therefore, SS/AR/LZM gels exhibited expected antibacterial effect; however,
the loading content and the release efficiency of lysozyme determined its antibacterial activity.

Various antimicrobial materials have been developed for wound dressing application, such as
metals/metal oxides [57], antibiotics [58], and peptides [2]. These materials are associated with
a big concern about adverse effects on ecosystems. For instance, silver nanoparticle, one of the
most classical and important materials, exert an adverse effect on environmental safety during its
preparation and application. Also, the widespread and indiscriminate use of antibiotics response to
the emergence of numerous resistant pathogens. The cost of the synthetic antibacterial peptide is very
high. Here, the developed SS/AR/LZM material has good cytocompatibility and without toxic side
effects and drug resistance. The main advantage of the lysozyme-based material is significantly safe to
human and environment, which has exciting and expected potentials in biomedical materials such as
wound dressing.

3.7. Cytocompatibility Assay

To evaluate the cytocompatibility of SS/AR and SS/AR/LZM gels, we tested the effects of SS/AR
and SS/AR/LZM gels on the viability of NIH3T3 and HEK293 cells. In the CCK-8 test, a soluble
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formazan dye with the maximum absorbance at 450 nm produced as metabolically active cells react
with a tetrazolium salt in the CCK-8 reagent. And, the higher optical density (OD) value indicates better
cell viability and more live cells [59]. As shown in Figure 6A, B, after 12 h, there were no significant
differences in the cells viabilities among SS/AR, SS/AR/LZM gels and the control. After 24 h, the cells
viabilities for SS/AR, SS/AR/LZM, and control groups increased quickly. After 36 h, the cells in
all groups exhibited significantly higher viabilities than those at 24 h. The results suggested the
SS/AR/LZM gel had good cytocompatibility on NIH3T3 and HEK293 cells. This may be due to
the fact that active sericin promotes cell growth for its cytoprotective and mitogenic abilities [9].
Furthermore, the morphologies of NIH3T3 and HEK293 cells were observed on an optical microscope
after 24 h in the absence and presence of SS/AR and SS/AR/LZM gels. The results showed that
morphologies of the cells were nearly identical to that of the control (Figure 6C), indicating SS/AR and
SS/AR/LZM gels were not toxic on NIH3T3 and HEK293 cells.

After staining with the LIVE/DEAD fluorescent reagent, the alive cells were stained green while
the apoptotic cells were stained red. The result showed most of the cells were green and only a few of
cells were red (Figure 7), indicating that the SS/AR and SS/AR/LZM gels had good cytocompatibility
on NIH3T3 and HEK293 cells. The fluorescence images of the LIVE/DEAD staining assay were in
accordance with the results of CCK-8 assay.

Figure 6. CCK-8 assay of the SS/AR/LZM gels. Cells viability of NIH3T3 (A) and HEK293 (B) in the
presence of SS/AR gel or SS/AR/LZM gel, respectively. Microscopic analysis of NIH3T3 and HEK293
cells; ((C), scale bar, 200 μm).
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Figure 7. The LIVE/DEAD staining assay. NIH3T3 ((A), scale bar, 200 μm) and HEK293 ((B), scale bar,
100 μm) cells.

4. Conclusions

In summary, the SS/AR composite gel was successfully prepared by blending and freeze-drying.
The SS/AR gel had highly porous and inter-connected structure, and good swelling behavior.
The lysozyme loaded SS/AR gel had a sustainable lysozyme releasing ability and good antimicrobial
activities against E. coli and S. aureus as well as excellent cytocompatibility on NIH3T3 and HEK293
cells. The SS/AR/LZM gel is expected to develop as an alternative for wound dressing.
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Abstract: In the new century, electrospun nanofibrous webs are widely employed in various
applications due to their specific surface area and porous structure with narrow pore size.
The mechanical properties have a major influence on the applications of nanofiber webs. Lamination
technology is an important method for improving the mechanical strength of nanofiber webs.
In this study, the influence of laminating pressure on the properties of polyacrylonitrile (PAN) and
polyvinylidene fluoride (PVDF) nanofibers/laminate was investigated. Heat-press lamination was
carried out at three different pressures, and the surface morphologies of the multilayer nanofibrous
membranes were observed under an optical microscope. In addition, air permeability, water filtration,
and contact angle experiments were performed to examine the effect of laminating pressure on
the breathability, water permeability and surface wettability of multilayer nanofibrous membranes.
A bursting strength test was developed and applied to measure the maximum bursting pressure of
the nanofibers from the laminated surface. A water filtration test was performed using a cross-flow
unit. Based on the results of the tests, the optimum laminating pressure was determined for both PAN
and PVDF multilayer nanofibrous membranes to prepare suitable microfilters for liquid filtration.

Keywords: nanofiber; lamination; water filtration

1. Introduction

Electrospun polymeric nanofiber web has gained increasing importance in the production of
engineered surfaces with sub-micron to nano-scale fibers. The widely employed areas of electrospun
nanofibers are tissue engineering [1,2], wound healing [3], drug delivery systems [4], composites [5],
solar cells [6], protective clothing [7], lithium-ion batteries [8,9], sensors [10–12], gas sensors and
separators [13,14], and air and water filtration [15–19], owing to their high surface-area-to-volume
ratio, highly porous structure and extremely narrow pore size. The main factor influencing the
application of nanofibers is their mechanical properties. An electrospun nanofiber has very poor
mechanical strength due to low contact and adhesion between the fibers.

Several methods have been developed to provide suitable mechanical strength to electrospun
nanofibers. One of the most common methods is to blend several polymers, the advantage of which
is that it is easy and low-cost. However, it is necessary to use polymers which can dissolve in
the same solvent system, of which there are only a few [20,21]. In another method, lamination
was achieved using an epoxy composite. In this method, an electrospun layer was laid on the
epoxy/curing agent in a mold and then the curing process was performed for a period of 16 h [22].

Nanomaterials 2018, 8, 272; doi:10.3390/nano8050272 www.mdpi.com/journal/nanomaterials317
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Nanofiber reinforced nanomaterials such as carbon nanotubes and graphene represent another route
for improving the mechanical strength of nanofibers. However, this method is costly and in some
cases has a low efficiency [23,24]. Charles et al. [25] used a dip coating method to improve the
mechanical strength of nanofibers. They described the mechanical properties of a composite system
comprising hydroxyapatite (HA)-coated poly (L-lactic acid) (PLLA) fibers in a poly (ε-caprolactone)
(PCL) matrix. A biomimetic method was used to coat the fibers with HA, and a dip-coating procedure
served for the application of PCL to the coated fibers. The composite was formed into a bar using
compression molding at low temperatures. The disadvantage of this method is that it is a time- and
chemical-consuming procedure. Xu et al. [26] developed a self-reinforcing method to enhance the
strength of polycarbonate (PC) membranes. In this method, the PC nanofibers were immersed into a
solvent (30%) and non-solvent (70%) mixture, which resulted in enhancement in the strength (128%)
owing to the fusion of junction points. The entire porous structure on the PC nanofibers was destroyed,
which greatly impaired the application of the membranes. The thermal lamination method is one
of the most reliable, repeatable, time-saving, environmentally friendly and cost-effective methods
used to adhere two surfaces. In this method, an adhesive polymer or web is usually applied between
two surfaces. Using heat and pressure, the surfaces adhere to each other. There is a large amount of
research related to improving the strength of nanofibers; however, the number of reports is still limited
compared to those dealing with lamination technology. Jiricek [27,28] and Yalcinkaya et al. [29,30]
used a bi-component polyethylene (PE)/polypropylene (PP) spunbond as a supporting layer for
nanofiber layers. A fusing machine was used for the lamination process. A nanofiber layer was
adhered on the outer surface of the bi-component due to the low melting point of PE. The resultant
multilayer nanofibrous membranes were used for micro and nanofilters. The supporting material and
the density of the nanofibers have an influence on the water and air permeability of the multilayer
materials. Yoon et al. [7] laminated nanofibers with various densities of polyurethane (PUR) fiber
onto different textile surfaces using an adhesive web. The results showed that the various multilayer
nanofibrous membrane structure designs had a considerable influence on the degrees of breathability
and waterproofness of the textile surfaces. In our previous work [31], it was observed that both the
supporting material and the density of the nanofiber web have an influence on the water permeability
of the multilayer nanofibrous membranes. The lower area weight with open structure supporting
materials has higher water flux and permeability. Kanafchian et al. [32] used a heat-press technique to
laminate the polyacrylonitrile (PAN) nanofiber on a polypropylene spunbond at various laminating
temperatures. It was observed that, when the applied temperature is lower than the melting point
of polypropylene spunbond, the nanofiber web remains unchanged. Moreover, the increase in
temperature increased the adhesion between nanofiber while decreasing the air permeability.

Although the system and parameters of the electrospinning process have been well analyzed, there
is still a lack of information about a proper lamination technique for nanofiber webs. So far, mainly the
effect of temperature on the lamination of electrospun nanofiber webs has been investigated using
heat-press methods [32–34]. Yao et al. [33] studied the effect of the heat-press temperature, pressure,
and duration on the morphological and mechanical characteristics of an electrospun membrane for
membrane distillation. The results showed that the temperature and duration of the heat-press
play more important roles than the pressure in the heat-press treatment. However, the pressure
varied between 0.7 and 9.8 kPa at 150 ◦C during a 2-h period, which is time- and energy-consuming
and therefore a more comprehensive parametric study is required. The aim of this study is to
consider the influence of laminating pressure on the properties of multilayer nanofibrous membranes.
Polyvinylidene (PVDF) and polyacrylonitrile (PAN) are the most commonly used nanofiber layers
owing to their chemical and thermal stability. Herein, both polymers were electrospun using a
semi-industrial scale nanofiber production method. The nanofiber layers were laminated onto a
nonwoven surface to improve their mechanical strength via the heat-press method, which is easy
to scale and is an energy-saving method at various applied pressures. Other conditions, such as
temperature and the duration of lamination, were kept stable. The effect of the laminating pressure
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on the nanofiber web has not yet been well reported. To investigate the effect of the pressure on the
nanofiber/laminate process, surface morphology under an optical microscope, the minimum bursting
pressure, air permeability, water permeability and contact angle tests were applied. Our objective was
to optimize the lamination technology and produce multilayer nanofibrous membranes for suitable
application in liquid filtration. Another novelty of this paper is that nanofiber layers were produced by
using the industrial equipment, and that the layers strongly adhered on the supporting layer without
any damage using various lamination pressures to improve their application in liquid filtration.

2. Materials and Methods

2.1. Preparation of Nanofibre Webs

13 wt. % PVDF (Solef 1015, Bruxelles, Belgium) was prepared in N,N-dimethylacetamide
(DMAC) and 8 wt. % PAN (150 kDa H-polymer, Elmarco, Liberec, Czech Republic) was prepared in
N,N-dimethylformamide. The solvents were purchased from Penta s.r.o. (Prague, Czech Republic).
The solutions were stirred overnight using a magnetic stirrer. Nanofiber webs were prepared using the
semi-industrial Nanospider electrospinning device (Elmarco, Liberec, Czech Republic) as shown in
Figure 1.

Figure 1. Schematic diagram of an electrospinning unit.

The solution is placed in a solution tank, which is a closed system and connected to a solution
bath. The wire electrode passes along a metal orifice in the middle of the solution bath. The solution
bath is moved back and forward to feed the surface of the wire electrode. The solution bath feeds
the polymer solution on a moving stainless steel wire. The speed of the bath is 240 mm/s. A high
voltage supplier is connected to a positively charged wire electrode (55 kV). A second wire electrode,
which is connected to a negatively charged voltage supplier (−15 kV), is placed on the top of the
spinning unit. A conveyor backing material is placed between the two electrodes. The spinning takes
place between the two electrodes. The nanofiber web is collected on baking paper moving in front
of the collector electrode. The distance between the electrodes is 188 mm. The distance between the
second electrode and the supporting backing material is 2 mm. The speed of the backing material for
PAN and PVDF is 15 mm/min and 20 mm/min, respectively. The amount of solution on the wire is
controlled with the speed of the solution bath, the diameter of the wire (0.2 mm) and the diameter of
the metal orifice (0.6 mm) in the middle of the solution bath. No solution dipping was observed. An air

319



Nanomaterials 2018, 8, 272

conditioning unit is used to control the humidity and temperature of the spinning in a closed chamber.
The temperature and humidity of the input air are set to 23 ◦C and 20% by the air-conditioning system.
The volumes of air input and output are 100 and 115 m3/h, respectively. The area weight of the PVDF
and PAN nanofibers was set at 3 g/m2.

2.2. Lamination of Nanofibre Webs

The prepared nanofiber webs were cut into A4 size (210 × 297 mm2). As a supporting layer,
120 g/m2 of polyethylene terephthalate spunbond nonwoven and 12 g/m2 of adhesive web were used
(the supplier information is not given). Heat-press equipment (Pracovni Stroje, Teplice, Czech Republic)
was used for the lamination process (Figure 2). In this equipment there are two metallic hot
plates (upper and lower) used under pressure. The nanofibers, a copolyamide adhesive web and
a polyethylene terephthalate spunbond supporting layer were placed between the two hot plates.
Two silicon layers were used to block direct contact between the multilayer nanofibrous membranes
and the hot plates. The heat was applied (130 ◦C) for a duration of 3 min. Pressures of 50, 75 and 100 kN
were applied between the upper and lower plates. For each pressure, PVDF and PAN nanofiber webs
were used. The resultant multilayer nanofibrous membranes were termed PAN50, PAN75, PAN100,
PVDF50, PVDF75, and PVDF100 according to the pressure value.

Figure 2. Schematic design of the heat-press equipment and replacement of the multilayer
nanofibrous membranes.

2.3. Characterization of the Multilayer Nanofibrous Membranes

The surface morphology of the electrospun fibers and laminated multilayer nanofibrous
membranes was observed using a scanning electron microscope (SEM, Vega 3SB, Brno, Czech Republic).
From each sample, at least 50 fibers were measured. The fiber diameter was analyzed using the Image-J
program (free online program). The Origin-Lab program was used to evaluate the diameter distribution.
The surface contact angle of the samples was measured using a Krüss Drop Shape Analyzer DS4
(Krüss GmbH, Hamburg, Germany), at five different points, using distilled water (surface tension
72.0 mN m−1) and ethylene glycol (surface tension 47.3 mN m−1) on the clean and dry samples at room
temperature. The air permeability of the multilayer nanofibrous membranes was tested using an SDL

320



Nanomaterials 2018, 8, 272

ATLAS Air Permeability Tester (@200 Pa and 20 cm2, Rock Hill, SC, USA). At least three measurements
were taken for each sample.

The maximum, average and minimum pore sizes were determined by a bubble point measurement
device, which was developed in our laboratory. The bubble point test allowed the size of the pores of
the porous material to be measured. The pore flow means a set of continuous hole channels connecting
the opposite sides of the porous material (see Figure 3). At least three measurements were taken.

Figure 3. Schematic diagram of pore flow and forces acting on a pore.

The main part of the method was to control the pressure needed to pass a liquid through the
tested porous material and for wetting the sample. This is because the wetting force (and hence the
opposite force required to extrude the liquid) depends on the pore circumference. The principle for
calculating the pore size is shown in Figure 3 and Equations (1) and (2).

Fγ = γπD (1)

Fp = pS (2)

where Fγ is the force given by surface tension γ of the liquid around the perimeter of πD. The force Fp
is given by external pressure p displacing the liquid from the pores and acting on the surface of pore S.

It is possible to calculate the magnitude of the force given by the surface tension and the force
given by the pore pressurizing fluid. By increasing the air pressure and measuring its flow through
the sample, the size of the average and minimum pores can also be determined. In this case, it is
necessary to compare the pressure curve of the wet sample with the pressure curve of the dry sample
(see Figure 4). The dry sample pressure curve required to determine the mean and minimum pores is
also applicable for determining the air permeability coefficient (K) of the sample calculated according
to the relation (Equation (3)):

K = Q/(Δp A) (3)

where Q is the air flow rate (m2/s), Δp is the pressure drop of the sample, and A is the area of air
flow (m2).

When the pressure increases in the dry sample, the flow rate also increases. Conversely, in the wet
sample, at the beginning, there is no flow because all the pores are filled with the liquid. At a certain
pressure, the gas empties the largest pore, which determines the minimum pore size, and gas begins to
flow through the wet sample. The intersection between the calculated half-dry and the wet sample
gives the mean flow pore size. When all the pores are emptied, an intersection between the wet and
dry curve will be observed. This means the relation between the applied pressure and the detected
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flow becomes linear and the intersection of the wet and dry curve represents the detected minimum
pore size.

 

Figure 4. Example of a pressure drop determination to calculate the pore size.

The bursting strength of the multilayer nanofibrous membrane was tested, and the maximum
delamination pressure was recorded. The testing device was developed in our laboratory as shown in
Figure 5. In this test, the samples were placed between two rings, and the nanofiber side of the samples
was placed on the upper side. The sample size was 47 mm in diameter. Pressurized water was sent to
the membrane, and the hydrostatic pressure was measured using a pressure controller, which was
placed in front of the membrane and connected to a computer. The hydrostatic pressure was increased
gradually, and as soon as the nanofiber layer burst, the pressure value on the screen decreased sharply.
The maximum pressure value was recorded as the bursting strength of the membrane. The testing
samples are shown in Figure 5. After bursting, the nanofiber layer delaminated from the surface of the
multilayer membrane. At least three measurements were taken for each membrane.

 

Figure 5. Bursting strength testing unit.

A lab-scale cross-flow filtration unit was developed as shown in Figure 6. Tap water was used
as the feed solution. The maximum amount of feed solution was 1500 mL. The flux (F) and the
permeability (k) of the membranes were calculated according to Equations (4) and (5) [31,35]:

F =
1
A

dV
dt

(4)
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k =
F
p

(5)

where A is the effective membrane area (m2), V is the total volume of the permeate (L), p is the
transmembrane pressure (bar), and t is the filtration time.

 

Figure 6. A cross-flow unit: (A) membrane cells; (B) permeate; (C) feed; (D) pump; (E) surface bubble
cleaning; (F) pressure controller; (G) feed flow speed controller.

3. Results and Discussion

3.1. Characterization of Nanofibre Webs and Laminated Multilayer Nanofibrous Membranes

To characterize the nanofiber webs into the format of multilayer nanofibrous membranes,
various aspects of their material properties were carefully considered. These properties include
the fiber diameter, diameter distribution, mean pore size, wetting property, air permeability,
and bursting strength.

The surface morphology of the nanofiber webs before and after lamination was imaged using a
scanning electron microscope as shown in Figure 7. The average fiber diameter of the PAN and PVDF
nanofibers before lamination was determined to be 171 nm and 221 nm, respectively. The diameter of
the PVDF nanofibers was greater than that of the PAN nanofibers. The main reason was the difference
in viscosity. In previous work [36], it was determined that a 14 wt. %. PVDF solution has a viscosity
of 969 mPa.s, while 8 wt. %. PAN has 191 mPa.s. Based on the viscosity results, one can expect that
a polymeric solution with a lower viscosity will have a lower fiber diameter. After the lamination
process, neither the PVDF nor the PAN nanofiber diameters significantly changed at a pressure of
50 kN (Figure 8). However, significant changes were observed at laminating pressures of 75 kN and
100 kN. When the highest laminating pressure was applied (i.e., 100 kN), the diameter of the PAN and
PVDF nanofibers increased by 14% and 25%, respectively. The fibers were flattened under heat and
pressure, and the fiber diameter increased gradually. The highest fiber diameter changes were observed
in the case of the PVDF nanofiber layer due to its lower glass transition and melting temperature
compared to PAN [37,38].
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Figure 7. SEM images and fiber diameter distribution of (A) PAN nanofiber web before lamination;
(B) PAN50; (C) PAN75; (D) PAN100; (E) PVDF nanofiber web before lamination; (F) PVDF50;
(G) PVDF75; and (H) PVDF100.
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Figure 8. Fiber diameter of various multilayer nanofibrous membranes under different
laminating pressures.
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It was verified that there is a strong correlation between the electrospun fiber diameters and the
polymer concentration, which has been well documented in the literature [39–41]. From the SEM images,
the PAN and PVDF multilayer nanofibrous membranes exhibited bead-free surface morphology.

The average pore size of the membranes is given in Figure 9. Electrospun materials readily deform
at low pressures. Since the tensile strength of PVDF and PAN nanofibers before lamination is quite
low to withstand air pressure, their pore size was not measured.
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Figure 9. The relationship between the mean pore size and the laminating pressure of (A) PAN and
(B) PVDF multilayer nanofibrous membranes.

In general, there is a correlation between the fiber diameter and the average pore size of the
nanofibers. Reducing the fiber diameter increases the surface area and compact web structure, which
results in a small pore size [42]. Bagherzadeh et al. [43] demonstrated a theoretical analysis to predict
the pore size of electrospun nanofibers. According to their theory, at a given web porosity, increasing
the fiber diameter and thickness of the web reduces the dimensions of the pores. This theory was
validated experimentally, and the results were compared with the existing theory to predict the pore
size distribution of nanofiber mats. Their results showed that the pore size significantly increased
with an increase in fiber diameter, web porosity and density of the layers. In this work, the correlation
between the diameter of the PVDF nanofibers and the mean pore size was compatible with the
literature, while PAN showed an opposite correlation. The laminating pressure effect must be taken
into consideration. The nanofiber layer did not change; only the fibers flattened after lamination due
to the pressure. It was expected that a higher pressure would cause a lower pore size since the fibers
flattened and melting adhesive filled more of the pores and covered the surface of the nanofibers as
shown in Figure 10. The PAN multilayer nanofibrous membranes fulfilled this expectation while the
PVDF did not. Figure 9B shows that the average pore size and the standard deviation of the pore size
measurements increased with pressure, which could be due to possible damage of the PVDF nanofibers
under high pressure. Gockeln et al. [44] investigated the influence of laminating pressures on the
microstructure and electrochemical performance of the lithium-ion battery electrodes. The results
indicated that all the laminated samples showed highly porous and homogeneous networks, while the
pore size slightly decreased with an increase in laminating pressure. At higher pressures, the intrinsic
electrical conductivity was improved due to more compression.

The water and ethylene glycol wettability of the PAN and PVDF multilayer nanofibrous
membranes were examined by a contact angle measurement as shown in Figure 11. The surface
energy and surface roughness are the dominant factors for the wettability. As can be seen from
Figure 11, an increase in laminating pressure decreased the water and ethylene glycol contact angle of
both PAN and PVDF multilayer nanofibrous membranes. Hence, ethylene glycol has a lower surface
energy compared to water, with the differences in contact angle value being 20◦ for PAN and 30◦ for
PVDF. Similar behavior was observed in the literature [45,46]. It is well known that when the surface
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energy is lowered, and surface roughness is raised, the hydrophobicity is enhanced [47–49]. With the
help of heat, the higher laminating pressure on the surface may cause changes to the surface shape and
make the surface flatter, which results in an increase in the surface wettability (Figure 11). The PVDF
membranes showed hydrophobic characteristics at the lowest laminating pressure (i.e., 50 kN), while
at higher laminating pressures they showed hydrophilic properties. By setting the lamination process
parameters, one can prepare hydrophilic PVDF multilayer nanofibrous membranes without any
surface modification.

 

Figure 10. An illustration of adhesive melting over the surface of a nanofiber web, forming a
non-porous film.
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Figure 11. Contact angle vs. laminating pressure of (A) PAN; (B) PVDF multilayer
nanofibrous membranes.

The morphology of the nanofiber webs, including their pore size, shape, size distribution and
porosity, has a significant influence on the air permeability of the multilayer membrane. To investigate
the effect of laminating pressure on the air permeability of the multilayer nanofibrous membranes,
the samples were placed on a circular sample holder, and the air flow rates through the samples were
measured (Figure 12A). Like the air flows, the areas of the sample and pressure drop remained constant
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during the measurement. Due to the weakness of neat nanofiber layers, the air permeability test was
not performed. In a previous study [31], the tensile strength of the nanofiber layers was found to be
between 3 and 4.33 (N/25 mm), which is extremely low to withstand any external force.
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Figure 12. Influence of laminating pressure on (A) air permeability; and (B) bursting strength of
multilayer nanofibrous membranes.

Abuzade et al. [50] studied the effects of the process parameters (e.g., concentration of solution,
applied voltage) on the porosity and air permeability of an electrospun nanoweb. The results showed
that the nanofiber diameter and size distribution are dominant parameters in controlling the pore sizes
formed by the nanofiber intersections and air permeability of the electrospun web. Figure 12A showed
that increasing the laminating pressure lowered the air permeability of the multilayer membranes.
Compression of the melting adhesive, filling the pores of the nanofiber and nonwoven web, covered
the surface of the thin nanofiber layer and created a non-porous film (Figure 10). As a result, the
breathability of the membranes was decreased. Similarly, Kanafchian et al. [32] claimed that during
the lamination, the melt adhesive penetrates through the nanofiber/fabric structure, which leads to
filling of the pores of nanofibers and a decrease in air permeability. The PAN multilayer nanofibrous
membrane has a lower air permeability than PVDF, mainly due to the lower fiber diameter of the PAN
nanofibers compared to the PVDF nanofibers. Rajak et al. [51] prepared PAN nanofiber webs from
various concentrations. The results indicated that changes in concentration affect the fiber diameter.
At a higher concentration and fiber diameter, the air permeability has a higher value.

A bursting test was performed to determine the mechanical strength of the laminated layers,
and the results are shown in Figure 12B. The test method has been developed in our laboratory.
The maximum delamination point of the multilayer nanofibrous membranes was measured using
hydrostatic pressure. The results showed that PAN nanofibers have a better adhesion to the supporting
layer and a better bursting strength compared to PVDF. The adhesion between the layers is related to
the material surface chemistry and its influence on adhesion, together with the properties of adhesive
materials and interactions at the adhesive-substrate surface interface. Materials that can wet each
other tend to have a better adhesion, and the wettability of the material is related to its surface energy.
For instance, low surface energy materials such as poly(tetrafluoroethylene), ceramics, and silicon,
are resistant to wetting and adhesive bonding [52]. Lee et al. [53] found that the surface energy of
PAN is around 44 mJ/m2, while this value was calculated as 54.1 mJ/m2 by Pritykin et al. [54]. On the
other hand, PVDF has a very low surface energy value of around 26 mJ/m2 [55]. Due to the lower
surface energy of PVDF compared to PAN, the adhesion between the layers is weaker, which results
in low lamination strength. The results show that laminating pressure plays an important role in the
bursting strength. By increasing the laminating pressure under heat, the melted adhesive fills the pores
of the nanofibers and nonwovens and penetrates through the layers. A better mechanical strength is
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achieved due to the entanglement of the adhesive web and the layers. The results showed that the
bursting strength of a material can be improved by adjusting the lamination conditions.

3.2. Evaluation of Liquid Filtration by Cross-Flow Filtration

Taking their practical applications into consideration, laminated multilayer nanofibrous
membranes were used to further investigate their water permeability performance due to their
hydrophilic, porous, small pore size and predominant mechanical properties for liquid filtration.
A cross-flow filtration unit was prepared in our laboratory. Using Equation (5), the water permeability
of the PAN and PVDF multilayer nanofibrous membranes was calculated (Figures 13 and 14).

 

Figure 13. Permeability of PAN multilayer nanofibrous membranes at various laminating pressures
over time.

 

Figure 14. Permeability of PVDF multilayer nanofibrous membranes at various laminating pressures
over time.
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A decrease in permeability was observed for both the PAN and PVDF multilayer nanofibrous
membranes depending on the operation time as shown in Figures 13 and 14. There are a few possible
reasons for the decrease in permeability during liquid filtration. The first reason is concentration
polarization, which is a consequence of the selectivity of the membrane. When the liquid passes through
the membrane, the solute is retained by the membrane surface with a relatively high concentration.
Moreover, the hydrophilicity of the membrane decreases over time during filtration due to membrane
fouling and concentration polarization. Since tap water is not pure, dissolved molecules, suspended
solids, and organics may be contained in the water, which can cause a decrease in the water flux due
to fouling. The second reason is that close to the membrane surface, the effective transmembrane
pressure (TMP) driving force reduces due to an osmotic pressure difference between the filtrate and
the feed solution. TPM is generally observed in the case of ultra-filtration (UF) membranes. Another
reason may be related to the compression/collapse of membrane pores, thereby causing a reduction in
water permeability. The operating conditions (feed pressure, temperature, pH, flow rate, etc.) are also
effective factors in membrane permeability. In general, the flux decline is caused by a decreased driving
force and/or an increased resistance of the membrane, raw water characteristics, and particulate matter
levels [56–58].

At the beginning, all the PAN membranes had the highest permeability (Figure 13). After a 4-h
filtration test, the flux declined to 824, 909, and 375 Lm−2h−1bar−1 in the case of PAN50, PAN75,
and PAN100, respectively. The results indicated that laminating pressure has a huge impact on the
water permeability of the multilayer membranes. The laminating pressure and the permeability of the
membranes showed a non-linear relationship in the case of the PAN membranes. PAN50 and PAN75
multilayer nanofibrous membranes showed the best water permeability. On the other hand, all the
PVDF membranes showed very low initial permeability at the beginning due to the hydrophobic
nature of the PVDF nanofibers, and the melted adhesive web partially occupied the membrane
pores, increasing the hydraulic resistance to filtration (Figure 14). The results of 4 h of filtration of
PVDF membranes showed that the highest permeability (1444 Lm−2h−1bar−1) was only achieved
at the lowest laminating pressure (50 kN). PVDF75 and PVDF100 had almost the same permeability
value (650 and 681 Lm−2h−1bar−1, respectively) after the 4-h filtration test. Li et al. [59] reported a
simple strategy to improve the waterproof/breathable performance and mechanical properties of
electrospun PVDF fibrous membranes using a thermo-pressing system. It was found that the effect
of temperature and pressure on PVDF has a synergistic effect on the fiber morphology and crystal
structure. By properly adjusting the temperature and pressure, robust mechanical properties and
excellent waterproof/breathable performance of PVDF membranes were achieved.

In terms of water permeability, PAN75 has the best results from the PAN membranes. PVDF50
showed the best permeability results after the 4-h filtration test from all the PAN and PVDF membranes.
The results showed that after proper lamination multilayer nanofibrous membranes are suitable for
future application in liquid filtration.

4. Conclusions

There is a huge demand for the filtration application of nanofiber layers due to their specific
surface, low pore size and high porosity. In this study, the effect of laminating pressure on PAN and
PVDF multilayer nanofibrous membranes was investigated to prepare suitable microfilters for liquid
filtration. The surface morphology, average pore size, air permeability, water permeability, bursting
strength, and the contact angle of the membranes were compared. Different performance levels were
achieved by varying the laminating pressure of the multilayer nanofibrous membranes. The pressure
effect had a considerable influence on air permeability, average pore size, contact angle, bursting
strength, and water permeability. The surface morphology results showed that the fiber diameter
slightly increased with an increase in laminating pressure, while the water and ethylene glycol contact
angles decreased. The main effect of laminating pressure was observed on the average pore size,
air permeability, bursting strength and water permeability of the membranes. PVDF50 showed the
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best water filtration of all the membranes. However, the bursting strength of PVDF50 is the lowest,
which may cause possible damage and delamination of the layers under pressure over time. PAN
nanofibers have a better adhesion to the surface of the multilayer. PAN75 was selected as the best
candidate for liquid filtration due to its high water permeability and mechanical strength. PVDF
multilayer nanofibrous membranes showed better air permeability than PAN, which may be better
for the possible application of air filtration. These findings imply that to achieve the best permeable
membrane results, the lamination process should be carefully optimized.
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Abstract: We describe the synthesis of mesoporous Al2O3 and MgO layers on silicon wafer
substrates by using poly(dimethylacrylamide) hydrogels as porogenic matrices. Hydrogel films
are prepared by spreading the polymer through spin-coating, followed by photo-cross-linking
and anchoring to the substrate surface. The metal oxides are obtained by swelling the hydrogels
in the respective metal nitrate solutions and subsequent thermal conversion. Combustion of the
hydrogel results in mesoporous metal oxide layers with thicknesses in the μm range and high specific
surface areas up to 558 m2·g−1. Materials are characterized by SEM, FIB ablation, EDX, and Kr
physisorption porosimetry.

Keywords: mesoporous; Al2O3; MgO; poly(dimethylacrylamide); hydrogel; thin film; spin coating;
SEM; FIB; Kr physisorption

1. Introduction

The synthesis of metal oxides with uniform mesopores is often achieved by utilization of porogenic
structure directors or matrices. For example, micellar aggregates of amphiphilic species—such as
surfactants or block co-polymers—are frequently utilized as porogens. They form spontaneously by
self-organization and serve as pore fillers or even as structure-directing species during the formation
of the inorganic phase by a sol–gel-based synthesis (‘soft templating’) [1,2]. This synthesis method is
applicable to a limited variety of inorganic products, such as silica and some other oxidic materials,
including aluminum oxide (Al2O3) [3–5]. For uniform, continuous layers (‘solid films’) of mesoporous
metal oxides at a substrate surface the soft-templating approach is usually the method of choice,
because the spontaneous self-aggregation into micellar units can take place inside a liquid film that
contains both the amphiphilic species and the inorganic precursor compounds. For this purpose,
the micellization is induced by evaporation of the solvent (evaporation-induced self-assembly, EISA) [6,7].
It needs to be stressed, though, that several metal oxides cannot be obtained in this way as their
formation may go along with phase-separation and segregation from the amphiphilic species. As an
alternative, the concept of using solid, porous structure matrices (‘hard templates’) has been shown to
be a more versatile option [8,9]. This method, often called ‘nanocasting’, comprises the synthesis of
the desired products within the pores of a silica or carbon matrix, followed by selective removal of
the matrix; the product is obtained as a ‘replica’ of the pore system in the matrix. Nanocasting can
be used for the fabrication of a multitude of metal oxides, including Al2O3 [10–12], as well as those
that have so far not been obtained by soft templating, e.g., magnesium oxide (MgO) [12–15]. However,
the nanocasting concept still has its limitations when it comes to the synthesis of porous films, since
the removal of the structure matrix may cause detachment of the replica film from the substrate.
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We have recently described the synthesis of mesoporous metal oxides by using
poly(dimethylacrylamide) hydrogels as matrices [16,17]. Hydrogels are three-dimensional structures
composed of hydrophilic polymer chains, which can absorb and hold large quantities of water in the
spaces between the chains [18]. They can be fabricated via physical or chemical cross-linking [19] and
have been used as matrices for porous inorganic materials [16,17,20–22]. Their utilization as porogenic
matrices may be regarded as halfway between ‘soft’ and ‘hard templating’. The hydrogel forms a
continuous network that can take up the inorganic precursor species (such as a metal salt) with no
risk of phase-separation, similar to a hard structure matrix. At the same time, the swollen hydrogel
is a highly flexible phase; the (cross-linked) polymer strands are more or less loosely arranged and
displaceable, like a soft matrix. In fact, the porogenic impact may even occur when the water-soluble
polymer strands are not even cross-linked, but only sterically entangled [23]. We have rationalized that
thick bundles of polymer chains (rather than single, individual chains) in poly(dimethylacrylamide)
hydrogels form the porogenic entities [16]. The products obtained so far were powders with somewhat
uniform mesopores and high specific surface areas.

Here we report on utilizing the same kind of porogenic hydrogels for mesoporous layers
(solid films) of aluminum oxide (Al2O3) and magnesium oxide (MgO) at the surface of silicon wafer
substrates. Photo-cross-linked poly(dimethylacrylamide) hydrogels are attached to the substrate by
chemical bonding and serve as matrices for the metal oxides (Scheme 1). Porous Al2O3 and MgO
with a high surface-to-volume ratio play an important role in separation [24,25] and heterogeneous
catalysis [26–29]. Especially for the latter application immobilized layers of the catalyst (MgO) or
support (Al2O3) materials with large pores are considered advantageous to facilitate easy access of the
reactants by diffusion.

 

Scheme 1. Preparation of porous metal oxide (Al2O3, MgO) layers: (a) anchoring of the adhesion
promoter on the Si wafer substrate; (b) spreading of the polymer by spin coating; (c) hydrogel formation
and immobilization on the substrate by photo-induced cross-linking; (d) swelling in metal salt solution
(Al(NO3)3, Mg(NO3)2); (e) formation of the porous metal oxide and combustion of the hydrogel
by calcination.

2. Materials and Methods

Materials: Acryloyl chloride (Alfa Aesar, Karlsruhe, Germany, 96%), allylamine (Sigma-Aldrich,
Taufkirchen, Germany, 98%), aluminum nitrate nonahydrate (Sigma-Aldrich, ≥98.0%), ammonia solution
(Stockmeier, Bielefeld, Germany, 25%), bicyclohexyl (Acros, Geel, Belgium, 99%), chloroform (Stockmeier),
chlorodimethylsilane (Alfa Aesar, 97%), 1,2-diaminoethane (Acros, >99%), 2,3-dimethylmaleic anhydride
(Acros, 97%), di-tert-butyl dicarbonate (Boc2O, Acros, 97%), ethanol, absolute (Sigma-Aldrich),
hydrochloric acid, conc. (Stockmeier, 37%), hydrogen peroxide (Stockmeier, 35%), magnesium
nitrate hexahydrate (Sigma-Aldrich, ≥97%), magnesium sulfate (Grüssing, Filsum, Germany, 99%),
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platinum(0)-1,3-divinyl-1,1,3,3-tetramethyldisiloxane complex solution in xylene (Sigma-Aldrich,
Pt ~2%), 4”-silicon-wafer (Plano, Wetzlar, Germany), sulfuric acid, conc. (Stockmeier, ≥98%),
thioxanthone (Sigma-Aldrich, 98%), and triethylamine (TEA, Grüssing, 99%) were used as received.
Acetone (Stockmeier), diethyl ether (Hanke+Seidel, Steinfurt, Germany), ethyl acetate (Stockmeier),
n-hexane (Stockmeier), methanol (Stockmeier), n-pentane (Stockmeier), silica gel (VWR), sodium
bicarbonate (Stockmeier), and sodium chloride (Stockmeier) were of technical grade and used as
received. 1,4-Dioxane (Carl Roth, Karlsruhe Germany, ≥99.5%), N,N-Dimethylacrylamide (DMAAm,
TCI, Eschborn, Germany, 99%), tetrahydrofuran (THF, BASF, Ludwigshafen, Germany), and toluene
(Grüssing, 99.5%) were distilled under low pressure. α,α′-Azobisisobutyronitrile (AIBN, Fluka, Seelze,
Germany, >98%) was recrystallized from methanol. Cyclohexanone (Sigma-Aldrich, ≥99.0%) was
distilled. Dichloromethane (Stockmeier) was dried over CaCl2 and distilled.

Characterization: 1H and 13C NMR spectra were recorded on a Bruker AV 500 spectrometer at
500 MHz and 125 MHz, respectively. Reference solvent signals at 7.26 and 2.56 ppm were used
for spectra in CDCl3 (99.8 atom % Deuterium) and DMSO-d6 (O=S(CD3)2, 99.9%), respectively.
Gel permeation chromatography (GPC) was performed in chloroform for PDMAAm at 30 ◦C and
at a flow rate of 0.75 mL·min−1 on a Jasco 880-PU Liquid Chromatograph connected to a Shodex
RI-101 Detector. The instrument was equipped with four consecutive columns (PSS-SDV columns
filled with 5 μm gel particles with a defined porosity of 106 Å, 105 Å, 103 Å and 102 Å, respectively)
and were calibrated by poly(methyl methacrylate) standards. Krypton (Kr) physisorption analysis
was performed at 77 K on a Quantachrome Autosorb 6B instrument. The masses of the films were
determined by weighing the wafer substrates before and after film synthesis. Several samples of
identical films (7 × 7 mm substrate dimensions) were combined for each sorption measurement to
provide sufficient overall film masses (1–200 mg). Samples were degassed at 120 ◦C for 12 h prior to
measurement. The specific surface areas were assessed by multi-point BET analysis [30] in the range
0.1 ≤ p/p0 ≤ 0.3. Scanning electron microscopy (SEM) and energy-dispersive X-ray (EDX) spectroscopy
were performed on a Zeiss NEON® 40 microscope connected with an UltraDry detector from Thermo
Fisher Scientific (Waltham, MA, USA).

Cross-Linker Synthesis: 2-(Dimethyl maleimido)-N-ethyl-acrylamide (DMIAAm) was synthesized
through a four-step reaction as described in the literature [31] and can be found in detail in the
Supplementary Materials.

Polymer Synthesis: Poly(DMAAm-co-DMIAAm) was synthesized with DMAAm monomer and
DMIAAm cross-linker by free radical polymerization initiated with AIBN in an analogous fashion as
described in the literature [31]. DMAAm (95 mol %) and DMIAAm (5 mol %) and about 0.002 mol %
AIBN relative to the total amount of monomer were dissolved in 1,4-dioxane and purged with argon
for 20 min. The total monomer concentration was 1 mol·L−1. The polymerization was carried out
at 70 ◦C for 7 h under argon atmosphere. Afterwards, the polymer was precipitated in diethyl ether
and re-precipitated from tetrahydrofuran into diethyl ether for purification. Finally, the polymer was
dried in high vacuum and characterized by NMR spectroscopy and GPC. 1H NMR (500 MHz, CDCl3):
δ (ppm) = 1.51–1.83 (m, CH2), 1, 94 (s, CH3), 2.3–2.75 (m, CH), 2.77–3.19 (m, N-CH2, NH-CH2, N-CH3),
3.6 (b, NH). Yield: 88%, Mn: 39,000 g·mol−1, DMIAAm composition: 5 mol % (Feed)/4.8 mol % (NMR),
PD: 5.1.

Synthesis and Immobilization of the Adhesion Promoter: 1-[3-(Chloro-dimethyl-silanyl)-propyl]-3,4-
dimethyl-maleimide was synthesized as described in the literature [32] (see Supplementary Materials).
A Si wafer (7 mm × 7 mm) was activated with a mixture (7:3 vol.) of concentrated sulfuric acid (H2SO4)
and 30% hydrogen peroxide (H2O2) solution at 90 ◦C for 1 h. After repeated rinsing with water and
ethanol and drying in argon stream the adhesion promoter was absorbed from 1 vol % solution in
bicyclohexyl for 24 h. Finally the wafer was rinsed with chloroform and abs. ethanol and dried in an
argon flow.

Preparation of Hydrogel Films: Solutions of the polymer in cyclohexanone (2 mL) with 2 wt %
thioxanthone as a sensitizer were spin-coated on a pre-treated Si wafer, using variable spin velocities
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and polymer concentrations (see Results and Discussion section); polymer solutions were first spread
at 250 rpm for 25 s, followed by 60 s of spinning at the final velocity. The polymer layer on the wafer
was irradiated with UV light for one minute by using a 200 W mercury short arc lamp with an intensity
of 266 mW·cm−2.

Preparation of Porous Al2O3 and MgO layers: For the preparation of Al2O3, the hydrogel film was
re-swelled in saturated aqueous aluminum nitrate solution (1.9 mol·L−1) overnight and then treated
with the vapor of an aqueous ammonia solution (12.5 wt %) for 3 h at 60 ◦C to convert Al(NO3)3 to
Al(OH)3/AlO(OH), followed by drying overnight at 60 ◦C. The material was calcined in a tube furnace
for 4 h at 500 ◦C with a heating rate of 1 ◦C·min−1 to combust the polymer and to form a porous
Al2O3 film on the Si wafer. For the preparation of MgO the hydrogel film was re-swelled in saturated
aqueous magnesium nitrate solution (4.9 mol·L−1) overnight and then dried at 120 ◦C. The material
was calcined in a tube furnace for 2 h at 300 ◦C and 2 h at 500 ◦C with a heating rate of 1 ◦C·min−1 to
combust the polymer and to form a porous MgO film on the Si wafer.

In an alternative approach, the above-described preparation of the hydrogel film was modified by
dissolving the polymer in methanol (instead of cyclohexanone) and by adding aluminum nitrate or
magnesium nitrate to this solution before (instead of after) spin-coating (2500 rpm final spin velocity)
and subsequent photo-cross-linking. Otherwise, the same synthesis protocol was used.

3. Results and Discussion

Photo-cross-linked hydrogel films were used as structure matrices for the preparation
of porous alumina (Al2O3) and magnesia (MgO) layers. The polymer for the hydrogels was
synthesized by free radical polymerization of N,N-dimethylacrylamide (DMAAm) and 2-(dimethyl
maleimido)-N-ethyl-acrylamide (DMIAAm) (Scheme 2a). The synthesized polymers have a molecular
weight (Mn) of ca. 39,000 g·mol−1. DMIAAm served as a photo-cross-linker to form a three-dimensional
polymer network (Scheme 2b) by a reaction mechanism that can be primarily described as a [2+2]
cycloaddition; however, other mechanisms are also possible [32]. According to NMR data the DMIAA
fraction in the polymers is 4.8 mol %, slightly less than the feed composition (5 mol %), which is in
accordance with previous findings [33]. To covalently attach the hydrogel to a silicon wafer substrate,
1-[3-(chloro-dimethyl-silanyl)-propyl]-3,4-dimethyl-maleimide was used as an adhesion promoter.
The promoter was applied to the wafer prior to coating with the polymer. For this purpose, the wafer
surface was chemically activated by oxidative treatment with piranha solution (H2SO4/H2O2).
The promoter bonds to the surface via its reactive chloro-silane function (Scheme 2c); the maleimide
function can react with the polymer during photo-induced cross-linking.

Porous Al2O3 or MgO layers were created by pre-fabricating hydrogel films on the substrate and
then adding the inorganic precursor species in a second step (Scheme 1). The polymer was spin-coated
on the pretreated Si wafer by using cyclohexanone as a solvent. The polymer concentration and spin
velocity were varied in order to obtain variable film thicknesses. Photo-cross-linking of the polymer
film was then achieved by UV irradiation as described in the Experimental Section. The cross-linked
network forms a thin hydrogel film at the Si wafer surface. Figure 1 shows example scanning electron
microscopic (SEM) images of dry films exhibiting high degrees of homogeneity. (further examples are
shown in Figure S1 in the Supplementary Materials). The film thicknesses were analyzed by focused
ion beam (FIB) ablation. Figure 1d shows a rectangular hole cut out of the film. The image was taken
from a tilted angle (ca. 45◦ to the film surface), showing both the section through the film and the
underlying substrate. This way, the average thickness of the film can be measured; depending on
polymer concentration and spin velocity it ranges from 0.187 μm to 0.851 μm (Table 1).

The hydrogel film was then impregnated with Al(NO3)3 or Mg(NO3)2 by swelling in a saturated
aqueous solution of the respective salt. The Al salt was transformed to Al(OH)3/AlO(OH) by exposure
to ammonia vapor and subsequently calcined to create Al2O3; this procedure is frequently applied for
the structure-directed synthesis of Al2O3 [10,11]. The Mg salt was directly transformed to MgO by
calcination. In both cases, the calcination procedure leads to the thermal combustion of the hydrogel

336



Nanomaterials 2018, 8, 186

matrix, leaving behind metal oxide layers that remain attached to the Si wafer substrates (presumably
by Si-O-Al bonds in case of Al2O3 and by ionic interaction with the charged oxidized Si surface in case
of MgO, respectively). Identification of the metal oxide phases by XRD was not feasible due to the very
low thickness of the layers (see below), but previous studies [16,17,23] have shown that the applied
synthesis conditions lead to formation of γ-Al2O3 (with low crystallinity) and MgO, respectively.
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Scheme 2. (a) Synthesis of the polymer serving as the precursor for the hydrogel films; (b) photo-
cross-linking of the polymer; (c) schematic [19] of the adhesion promoter attachment to the Si wafer surface.

 

Figure 1. SEM images of dry hydrogel films prepared by spin-coating with variable polymer
concentration and spin velocity (average film thicknesses: (a) 0.187 μm; (b) 0.588 μm; (c,d) 0.851 μm;
see Table 1). Image (d) shows an example of the FIB ablation analysis of a film (average thickness:
0.851 μm; green bars: 0.8796, 0.8439, 0.8320 μm).
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Table 1. Characteristics of dry hydrogel films obtained by spin-coating of the polymer and subsequent
photo-cross-linking.

Spin Velocity (rpm) Polymer Conc. (wt %) Film Thickness (μm)

2500 5 0.187
2500 7.5 0.306
2500 10 0.588
1000 5 0.607
1000 7.5 0.801
1000 10 0.851

Figure 2 shows SEM images with FIB analysis of two examples of porous Al2O3 and MgO layers.
(further examples are shown in Figure S2 in the Supplementary Materials) EXD analysis confirms the
approximate stoichiometry of Al/O = 1.5 and Mg/O = 1, respectively (Table S1 in the Supplementary
Materials). The Al2O3 layer (Figure 2a,b) exhibits a fairly smooth and homogeneous texture and an
average thickness of 1.77 μm, three times the thickness of the non-swollen (dry) hydrogel film that was
used as the matrix (0.588 μm). This difference reflects the swelling of the hydrogel and also indicates a
certain degree of porosity in the Al2O3 layer, as will be substantiated below.

 

Figure 2. SEM images and FIB ablation analysis of two example layers of Al2O3 ((a,b); average
thickness: 1.77 μm, prepared with a hydrogel film of 0.588 μm thickness; green bars: 1.766 and
1.782 μm) and MgO ((c,d); average thickness: 0.646 μm, prepared with a hydrogel film of 0.851 μm
thickness; green bars: 0.5862, 0.7313, 0.6197 μm).

Assessment of the pore size distribution by nitrogen (N2) or argon (Ar) physisorption analysis
was not possible due to the low overall amount of material (as frequently encountered for thin layers
of porous material), but krypton (Kr) physisorption allowed a five-point BET analysis, as shown
in Figure 3a. The isotherm showing the adsorbed amount of Kr is shown in Figure S3 in the
Supplementary Materials. The specific surface area of the Al2O3 layer is 370 m2·g−1, corresponding to
0.259 m2·cm−2 if normalized to the covered area of the substrate. The latter value incorporates the
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respective film thickness, while the former value is independent of the film dimensions. This large
surface area confirms that the Al2O3 layer is indeed porous. As mentioned in the Introduction section,
we have recently reported on the synthesis of γ-Al2O3 materials synthesized by the same procedure
(using the same type of hydrogels), but in form of powders rather than as thin layers [16,17,23].
The powder samples exhibited similar BET surface areas (250–370 m2·g−1) with narrow pore size
distributions around ca. 4 nm and mesopore volumes in the range of 0.4–0.5 cm3·g−1. Hence, it is
fair to assume similar mesopores for the Al2O3 layer presented here. The origin of these mesopores is
the porogenic impact of bundles of polymer strands in the hydrogel; the combustion of the hydrogel
creates disordered, tubular mesopores, as previously described [16]. The MgO layer (Figure 2c,d),
on the other hand, is significantly less homogeneous than the Al2O3 layer; it exhibits a rough surface
with raptures and an almost granular texture. Its average thickness is 0.646 μm, which is actually
less than the thickness if the respective non-swollen (dry) hydrogel film (0.851 μm). This indicates a
lower degree of porosity which is confirmed by a low BET surface area of 112 m2·g−1 (0.025 m2·cm−2;
Figure 3b). Obviously, the polymer network does not have a strong porogenic impact in this case.
This may be due to the fact that the hydrogel matrix starts to decompose before a sufficiently stable
network of MgO has formed.

 

Figure 3. BET plots of Kr physisorption data of porous metal oxide layers: (a) Al2O3 layer (1.77 μm
thickness); (b) MgO (0.646 μm); (c) Al2O3 (prepared by pre-mixing the polymer).

In an alternative synthesis approach, we simplified the process by dissolving the metal salts
and the precursor polymer in methanol before applying them to the silicon wafer by spin-coating
and subsequent photo-cross-linking of the polymer. Hence, no drying of the hydrogel films and
subsequent re-swelling in metal salt solutions is necessary which facilitates the overall procedure.
The rest of the synthesis was carried out in the same way as before. Two example SEM images of
the resulting Al2O3 and MgO layers are shown in Figure 4. Further examples are listed in Table S2
and shown in Figure S4 in the Supplementary Materials. The Al2O3 layer (Figure 4a) exhibits an
average thickness of 0.364 μm and shows a fairly homogeneous texture, although not as smooth as in
case of the synthesis procedure described above (i.e., by re-swelling the pre-fabricated hydrogel films
with metal salt solutions). However, it exhibits a higher BET surface area of 558 m2·g−1. Figure 3c;
the surface area per substrate area, 0.080 m2·cm−2, is lower as a consequence of a lower layer thickness.
The MgO layer (Figure 4b) is even less homogeneous; it appears seriously granular and rough, with a
similar BET surface area as for the material prepared by the first route (112 m2·g−1). In summary,
the alternative synthesis approach, despite being simpler and easier to carry out, cannot be regarded
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as equally successful as the first route in terms of the homogeneity and smoothness of the resulting
metal oxide layers.

 

Figure 4. SEM images of two example layers of (a) Al2O3 and (b) MgO prepared by pre-mixing the
polymer ((a): 200 mg; (b): 150 mg) with the metal salts ((a): 600 mg Al(NO3)3·9H2O; (b): 450 mg
Mg(NO3)2·6H2O) prior to spin-coating and subsequent photo-cross-linking and calcination.

4. Conclusions

In summary, we have shown that the concept of using poly(dimethylacrylamide) hydrogels as
porogenic matrices for the synthesis of mesoporous metal oxides can be applied to the preparation of
porous layers on silicon substrates by anchoring the hydrogel to the substrate via chemical bonding.
Homogeneous mesoporous layers of Al2O3 with high specific surface areas (up to 558 m2·g−1) are
obtained. The MgO layers display lower homogeneity and porosity.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/4/186/s1,
Figure S1: SEM images of dry hydrogel films, Figure S2: SEM images of Al2O3 and MgO layers, Figure S3:
Kr physisorption isotherms, Figure S4: SEM images of Al2O3 and MgO layers prepared by pre-mixing, Table S1:
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Abstract: Metal-organic frameworks (MOFs) are extremely porous, crystalline materials with high
surface area for potential use in gas storage, sequestration, and separations. Toward incorporation
into structures for these applications, this study compares three variations of surface-bound and
free-standing HKUST-1 MOF structures: surface-anchored MOF (surMOF) thin film, drop-cast film,
and bulk powder. Herein, effects of HKUST-1 ammonia interaction and framework activation, which
is removal of guest molecules via heat, are investigated. Impact on morphology and crystal structure
as a function of surface confinement and size variance are examined. Scanning probe microscopy,
scanning electron microscopy, powder X-ray diffraction, Fourier-transform infrared spectroscopy, and
energy dispersive X-ray spectroscopy monitor changes in morphology and crystal structure, track
ammonia uptake, and examine elemental composition. After fabrication, ammonia uptake is observed
for all MOF variations, but reveals dramatic morphological and crystal structure changes. However,
activation of the framework was found to stabilize morphology. For activated surMOF films, findings
demonstrate consistent morphology throughout uptake, removal, and recycling of ammonia over
multiple exposures. To understand morphological effects, additional ammonia exposure experiments
with controlled post-synthetic solvent adsorbates were conducted utilizing a HKUST-1 standard
powder. These findings are foundational for determining the capabilities and limitation of MOF films
and powders.

Keywords: metal-organic framework; microscopy; thin films; powders

1. Introduction

Highly porous crystalline materials known as metal-organic frameworks (MOFs) have been
the focus of much attention over recent years due to their promising potential for a wide range of
applications, including gas storage, separation, catalysis, and sensing [1–3]. Careful selection of
the inorganic nodes and organic linkers that compose the chemical structure of the material can
lead to a variety of highly tunable pore sizes and chemical functionality [4]. Varying synthetic
conditions, such as processing solvent [5], temperature [6], concentration [7], etc., also allows one to
tailor MOF properties. This careful control makes it possible to embed MOF materials within an array
of hierarchical architectures and composites [8]. Once synthesized, MOF crystallinity and morphology
are typically evaluated to determine quality. However, when testing the materials in the presence of
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different gases, it is rare to find studies that monitor possible morphological changes, even though
changes in crystal structure are often investigated [9]. This lack of structural understanding needs to
be addressed for a variety of MOF systems and host-guest interactions if they are to become a viable
option for integration into more complex designs. This study herein characterizes the morphological
impact of one such interaction for the HKUST-1 MOF, providing previously neglected insights into
how the MOF may perform in modern applications.

The most widely studied MOF is HKUST-1, also known as Cu3BTC2 or MOF-199, which was
first discovered by Chui et al. [10] and uses copper(II) ions and benzene-1,3,5-tricarboxylate (BTC) as
the inorganic and organic building blocks, respectively. One of the reasons HKUST-1 has garnered so
much attention is because of its ability to capture and store a wide variety of gases, including carbon
monoxide, carbon dioxide, nitric oxide, nitrogen, hydrogen, and sulfur dioxide [11–13]. Furthermore,
HKUST-1 has been shown to be a suitable candidate for the sequestration of harmful gases like
hydrogen sulfide, arsine, and ammonia [14,15]. One of the key features of HKUST-1 is that it allows
for the adsorption of these different gases in the copper paddlewheel unit, depicted in Figure 1. In this
paddlewheel unit, Cu2+ ions are connected to form Cu2+ dimers through a weak bond and are bridged
by four carboxylate units. The as-synthesized framework typically contains solvent molecules weakly
bound to the axial coordination sites of the Cu2+ ions. These solvent molecules can be removed through
a simple activation procedure (i.e., heating under vacuum), thus enabling the Cu2+ ions to act as Lewis
acidic sites for the binding of molecules possessing basic character, such as ammonia. Herein, this
research explores the effect of residual solvent molecules on the adsorption of ammonia in HKUST-1,
highlighting for the first time how the presence of solvent (or lack thereof) affects morphology.

Figure 1. Unit cell (left) of the HKUST-1 metal-organic framework system ((100) crystal face) [10].
HKUST-1 is composed of four benzene-1,3,5-tricarboxylate organic ligands coordinated to Cu2+ dimer.
Highlighted is the copper paddlewheel structure (right) characteristic of the HKUST-1 system. Each
Cu2+ dimer completes its octahedral coordination sphere with two axial positions (vacant here) opposite
of the Cu-Cu vector.

The synthesis of HKUST-1 can be varied so as to achieve a wide range of geometries, morphologies,
and composites, allowing the MOF to be tailored toward specific applications [16]. For example,
HKUST-1 can be tethered to a substrate as a surface-anchored MOF (surMOF) or a drop-cast thin
film; and it can be synthesized to be a free-standing material (bulk powder). However, most studies
for HKUST-1 only characterize and analyze one of its possible variations, typically its powder form.
This is especially true in the investigation of the HKUST-1 interaction with ammonia gas. There have
been studies that compare pure HKUST-1 powder to composite materials that contain it, but there is a
deficiency of ammonia studies that directly compare different MOF variations [17].

The research herein compares the behavior of surface-bound and free-standing HKUST-1 materials.
A study by Nijem et al. [18] suggested that aspects of the HKUST-1 interaction with ammonia may vary
depending on whether the MOF is confined to a substrate. Also, the effect of size on MOF behavior
is studied; the three MOF variations investigated herein all had the same chemical composition but
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were on different size scales. The aim of the study is to investigate how these different variations
respond to ammonia in order to gain insights into the effects of size and substrate confinement on
morphology, composition, and crystallinity. This is important because films of different size regimes
are required depending on the application [19,20]. For example, films prepared on the nanometer
scale may be useful as dielectric layers in transistors [21], whereas gas filtration technologies might
require micron-sized films or larger [22]. For the creation of successful MOF-based devices it should
not be assumed that material properties and reactivity will remain consistent across size regimes;
therefore, more comprehensive studies such as the one conducted herein are needed in order to better
understand the scope and broad applicability of various host-guest interactions.

Specifically, this study compares the three different variations of HKUST-1 mentioned above: the
surMOF, drop-cast thin film, and bulk powder. Metal-organic frameworks anchored to a surface are
able to integrate both the versatility and tunability of MOF systems into hierarchical architectures
for potential applications in electronic or sensing devices [23,24]. Bulk powders have shown promise
in their capabilities for incorporation into MOF-graphene hybrid materials and real-world gas mask
filtrations [15,25]. The bulk powder used in this study was synthesized, yielding large, microscale,
free-standing MOF crystals [26]. The surMOF was prepared via a well-established layer-by-layer
approach where nanoscale MOF crystallites were deposited in a controlled fashion onto a carboxylic
acid-functionalized gold substrate [27,28]. The formation of MOF crystals on the substrate using
this method was recently found to occur via a Volmer–Weber growth mechanism, giving rise to a
discontinuous surface of nucleating MOF crystallites [29,30]. Lastly, the drop-cast thin film was also
formed on a functionalized gold substrate, yielding a uniform film of highly-oriented crystals [26].
This is the first time that a parallel study has investigated these three MOF variations to determine
whether or not they exhibit uniform behavior independent of substrate confinement and size variance.

In this study, these three variations were used to probe the interaction of HKUST-1 with ammonia
gas. Metal-organic framework interactions with ammonia have been the subject of much attention
over recent years because they have been show to outperform other materials in their ability to
adsorb ammonia [14,31,32]. The high-performance capabilities for the HKUST-1 system have been
attributed to the copper paddlewheel, a preferential binding site for the chemisorption of Lewis bases
such as ammonia [33]. In addition, ammonia is also able to interact with various other parts of the
MOF as well, such as the organic linkers [17]. The HKUST-1 is known to react with ammonia in
different ways depending on the presence of water, making it a useful test case for examining the
effect of activation and gas exposure [34]. The HKUST-1 has been shown to adsorb more ammonia
under humid conditions because the ammonia can bind to the Lewis acidic Cu ions and is also
able to dissolve into films of water that are contained within the pores [35]. Peterson et al. [36]
showed that under dry conditions, ammonia reacted with the open-metal binding sites of the copper
paddlewheel to form a copper(II)-diamine species. That same study also showed that under humid
conditions, the MOF underwent a more severe degradation owing to the reaction of ammonia with
the BTC linkers to form Cu(OH)2 and (NH4)3BTC species. After exposure under both wet and dry
conditions, the ammonia was removed via heating under vacuum to regenerate the material, which
could then successfully re-uptake ammonia upon subsequent exposures. The research herein examines
morphology throughout multiple cycles of regeneration and re-exposure for the activated surMOF
material, which adds new and practical information about the viability of using surface-constrained
MOF nanomaterials.

The interaction of ammonia with HKUST-1 has been modeled by simulations [17,37] and has been
monitored via breakthrough studies [14]; IR spectroscopy [38]; X-ray crystallography [39]; nuclear
magnetic resonance spectroscopy [36]; X-ray photoelectron, extended X-ray absorption fine structure,
X-ray absorption near edge structure, UV−vis, electron paramagnetic resonance spectroscopies [34];
and microcalorimetry [40]. More recent work has shifted focus toward preventing or reducing MOF
degradation upon ammonia exposure [41,42] and creating systems in the bulk that could function
as filters in real-world applications [15]. Although positive approaches in these areas are underway,
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there are still fundamental aspects of the HKUST-1 ammonia interaction that need to be explored. A
major shortcoming in those studies is the lack of details about the morphological changes that occur
under different conditions. Therefore, for the first time ever, this study presents microscopic images for
three HKUST-1 variations that show the morphological transformations upon exposure to ammonia
for both the as-synthesized and activated material. This type of knowledge pertaining to changes in
morphological structure has thus far been overlooked in the literature, but is essential if HKUST-1 is to
be used in combination with another material, such as graphene-MOF composites [43], or integrated
into device structures.

In addition, this study examines the effect of residual solvent adsorbates on the HKUST-1
ammonia interaction. For most synthetic routes towards HKUST-1, the solvent used for processing
is still bound to the as-synthesized MOF either via chemisorption or physisorption [44]. It is well
known that the solvent used for the processing of MOFs has an influence on the properties of the
resulting framework [11]. For example, the size and porosity of HKUST-1 was shown to be altered by
varying the ratio of solvents used during synthesis [45]. The presence of solvent can also hinder the
ability for many MOFs to perform their desired function due to competition and blockage of binding
sites [46]. The presence or absence of solvent plays a major factor in how the MOF interacts with
ammonia, as evidenced by the effect of water on the reaction discussed prior. Research described
herein will further explain the impact that solvent has on MOF degradation by exploring how different
crystallographic and morphological changes occur depending on whether solvent molecules are within
pores prior to ammonia exposure. Solvent is easily removed from HKUST-1 via activation by heat
at reduced pressures, resulting in a visual color change of turquoise (as-synthesized) to dark blue
(activated MOF) [10,11]. Multiple studies have confirmed that this activation process does not disrupt
crystallinity [47], but potential effects on substrate morphology are not reported. Research described
herein examines the morphological stability upon activation of the HKUST-1 surMOF.

Three variations of the HKUST-1 system and its interaction with ammonia gas were interrogated
for both substrate-bound and free-standing materials. Ammonia gas exposure was investigated for
as-synthesized and activated samples to explore the effect of residual solvent molecules. Further
studies were done to gain insights into ammonia removal and re-exposure to the surMOF material.
Additionally, ammonia exposure experiments, utilizing a purchased standard of HKUST-1 powder
(Basolite® C 300), were completed to explore the effect of additional processing solvents bound to the
framework. Fourier-transform infrared spectroscopy (FT-IR), scanning electron microscopy (SEM),
energy dispersive X-ray spectroscopy (EDS), scanning probe microscopy (SPM), and powder X-ray
diffraction (XRD) characterized samples before and after ammonia exposure. These techniques were
used to track uptake and release of ammonia, monitor changes in surface morphology, examine
elemental composition, and observe effects on overall crystal structure. These fundamental studies
of HKUST-1 ammonia gas interactions elucidate which effects are inherent to the MOF system, as
opposed to effects that are dependent on substrate confinement or size variance, and are critical for the
successful incorporation of HKUST-1 into hierarchical architectures.

2. Materials and Methods

2.1. Materials

Copper (II) acetate monohydrate and copper (II) nitrate hemi(pentahydrate) were purchased from
Fisher Scientific (Fair Lawn, NJ, USA). Absolute, anhydrous ethanol (200 proof, ACS/USP Grade) was
obtained from Pharmco–Aaper (Shelbyville, KY, USA). Trimesic acid (TMA, H3BTC) (95%), dimethyl
sulfoxide (DMSO) (spectrophotometric grade), and 16-mercaptohexadecanoic acid (MHDA) (90%)
were purchased from Aldrich (St. Louis, MO, USA). The DMSO was purged with nitrogen and passed
through columns of molecular sieves. Gold substrates composed of silicon wafers with 5 nm Ti
adhesion layer and 100 nm Au were purchased from Platypus Technologies (New Orleans, LA, USA).
Anhydrous ammonia gas was obtained from Alexander Chemical Company (Kingsbury, IN, USA).
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2.2. Sample Preparation

Three variations of MOFs were fabricated: surface-anchored MOFs (surMOF) via layer-by-layer
deposition, MOF thin films by drop-cast method, and MOF powder synthesized to produce microcrystals.

2.2.1. surMOF

The surMOFs were fabricated according to literature precedent on a gold substrate functionalized
by a self-assembled monolayer (SAM) using alternating, solution-phase deposition [27–29]. The gold
substrate was first immersed in a 1 mM ethanol solution of MHDA for 1 h to form the foundational
SAM that anchors the framework to the substrate. The substrate was then rinsed with ethanol and
dried with nitrogen. Next, the sample was submerged in a 1 mM ethanol solution of copper acetate
monohydrate. The substrate was removed after 30 min, rinsed, and dried as before. The sample was
then submerged in a 0.1 mM ethanol solution of TMA for 1 h. Again, the substrate was rinsed, dried,
and returned to the 1 mM copper acetate monohydrate solution. Four deposition cycles of the copper
and TMA solutions yielded a film with an average thickness, roughness, and surface coverage of
10 nm, 20 nm, and 24%, respectively [29]. For all experiments herein, solutions were held at room
temperature. After film formation, the substrate was characterized by SPM and IR.

2.2.2. Thin Film

The MOF thin film was prepared according to a modified drop-cast procedure [26]. The starting
reagents, 2.8 mmol (0.59 g) TMA and 5.3 mmol (1.2 g) copper (II) nitrate hemi (pentahydrate), were
combined in 5 mL of DMSO. This solution underwent sonication and stirring until powders were
completely dissolved. A 1 mL portion of the resulting blue solution was then diluted to 5 mL by the
addition of DMSO. A gold substrate that had been functionalized with a SAM of MHDA (according to
the aforementioned method) was placed on a hotplate. A pipet transferred the diluted solution onto
the gold to form a liquid layer that completely covered the substrate. The sample was covered with a
glass beaker, the hotplate was ramped up to 100 ◦C over a 10-min period, and the sample was held
at that temperature for an additional 10 min. As the solvent evaporated, a thin blue-green film was
formed. Once the solvent was fully evaporated, the substrate was removed from the hotplate and
placed onto an aluminum heat sink to cool the film to room temperature for characterization by XRD,
SEM, and IR. This procedure yielded surface-confined crystals ranging in size from 1 to 10 microns.
A quantitative study of crystal size and homogeneity was not undertaken.

2.2.3. Powder

The MOF bulk powder was prepared according to an optimized procedure [26]. First, 2.8 mmol
(0.59 g) TMA and 5.1 mmol (1.2 g) copper (II) nitrate hemi(pentahydrate) were sonicated in 5 mL
DMSO solution until completely dissolved. The solution was then heated in a beaker to 100 ◦C on
a hotplate for 2 h, which resulted in the formation of blue-green crystals. After cooling, the precipitate
was sonicated in ethanol, dried by vacuum filtration, and washed with additional ethanol solvent. The
powder was transferred to a test tube, suspended in dichloromethane, and centrifuged for 6 min at
3300 rpm. This process was repeated three times, after which the resulting blue powder was dried
overnight under high vacuum and then stored in a vacuum desiccator to be characterized by XRD,
SEM, and IR. This procedure yielded free-standing crystals ranging in size from 10 to 100 microns.
A quantitative study of crystal size and homogeneity was not undertaken.

2.3. Ammonia Exposure

Ammonia exposure was investigated for as-synthesized as well as activated samples. The
activation process was undertaken by heating the sample under vacuum to evacuate the pores and
remove any solvent (residual or coordinated). All samples that were regenerated and re-exposed
underwent the same regeneration procedure.
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2.3.1. Activation Process

Samples were placed under high vacuum at 180 ◦C for 2 h. The samples were then cooled under
vacuum for 30 min prior to exposure.

2.3.2. Ammonia Exposure

For ammonia exposure, a sample under high vacuum at 25 ◦C was exposed to 360 torr of ammonia
gas for 1 h. Samples exposed as-synthesized were held under high vacuum for 5 min at 25 ◦C prior to
exposure. All samples (with and without prior activation) were exposed without breaking vacuum.

2.3.3. Regeneration and Re-Exposure

To undergo regeneration, samples were held under high vacuum at 180 ◦C for 1 h. The samples
were then cooled under vacuum for 30 min prior to characterization. Prior to re-exposure, samples
were left open to the atmosphere for at least 1 h. Each sample that was re-exposed underwent the same
exposure method to which it was originally exposed.

2.4. Standard Powder Investigation of Solvent Effects

Basolite® C 300 powder was obtained from Aldrich (St. Louis, MO, USA) and was used as a
standard for comparison to the HKUST-1 MOF powders fabricated as described above. The powder
underwent ammonia exposures with and without activation in the manner outlined previously.
Additional experimental exposures were undertaken to expose the Basolite® C 300 powder to solvents
prior to ammonia exposures.

2.4.1. H2O Exposure

Standard samples underwent H2O exposure before subsequent ammonia exposure. The powder
was exposed for 5 min to high vacuum conditions, and then for 2 h to H2O vapor that had been heating
to 85 ◦C under vacuum. Next, the sample was exposed for 5 min to high vacuum. The powder was
then characterized and subsequent ammonia exposure was undertaken as described in the above
section “ammonia exposure”.

2.4.2. DMSO Exposure

Standard samples underwent exposure to DMSO prior to subsequent ammonia exposure. A
100–250 mg portion of powder was suspended in 10–15 mL DMSO. The mixture was stirred for 2 h,
after which the powder was dried via vacuum filtration and overnight house vacuum. Once dry, the
powder was characterized and exposed to ammonia gas without activation.

2.5. Characterization

All samples underwent characterization by microscopy and infrared spectroscopy. The surMOF
samples were characterized by scanning probe microscopy. The drop-cast thin films and the powder
samples were characterized by scanning electron microscopy with energy dispersive spectroscopy, as
well as by powder X-ray diffraction.

2.5.1. Scanning Probe Microscopy (SPM)

A Dimension Icon Scanning Probe Microscope (Bruker, Santa Barbara, CA, USA) that operated in
peak force tapping mode was used to obtain several images (512 × 512 pixels) for each sample, both
before and after exposures, at 5 μm × 5 μm and 500 nm × 500 nm. Etched silicon tips, SCANASYST-AIR
(Bruker, Santa Barbara, CA, USA), with a spring constant range of 0.2–0.8 N/m and a resonant
frequency range of 45–95 kHz were used. Scan parameters were as follows: 1 Hz scan rate, 12 μm
z-range, 250–370 mV amplitude set point, and 100–450 mV drive amplitude. Image analysis was
carried out by Nanoscope Analysis software (Bruker, Santa Barbara, CA, USA).
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2.5.2. Infrared Spectroscopy (IR)

Infrared spectra were collected from 3800–600 cm−1 in ATR (Attenuated Total Reflectance) mode
and used a Thermo Scientific Nicolet iS50 instrument. The spectra were collected at a resolution of
4 cm−1 and used a bare gold substrate as the background for the surMOF studies and ambient air as
the background for the powder and thin-film studies.

2.5.3. Scanning Electron Microscopy (SEM) and Energy Dispersive X-ray Spectroscopy (EDS)

The SEM images were collected by a Hitachi TM-3000 tabletop microscope and used an
accelerating voltage of 15 kV with the detection of back-scattered electrons. The EDS data were
collected at this voltage by this microscope coupled with a Bruker XFlash MIN SVE detector and scan
generator for EDS capability.

2.5.4. Powder X-ray Diffraction (XRD)

The XRD patterns were collected by a Rigaku Miniflex X-ray diffractometer and used Cu Kα

radiation at 30 kV and 15 mA. Data were collected from 10.00◦ to 79.99◦ for the powder and 10.00◦ to
34.00◦ for the drop-cast thin film (range selected to avoid the intense gold peaks from the underlying
substrate). All samples were analyzed at a sampling width of 0.03◦ and scan speed of 3◦/min.

3. Results and Discussion

To investigate how ammonia interacts with the HKUST-1 metal-organic framework, three different
variations of the material (surMOF, drop-cast thin film, and powder) were exposed to ammonia; and
the effect was monitored via microscopy, IR, and powder XRD. For these MOF variations, both
as-synthesized and activated (heated under vacuum to remove species within pores) samples were
investigated. The SPM characterization was undertaken to monitor how ammonia interacts with the
surMOF deposited by a layer-by-layer protocol onto a gold surface functionalized with a self-assembled
monolayer. The SEM characterization was used to monitor both a thin-film framework fabricated via
drop-casting onto a functionalized gold surface as well as the synthesized bulk powder of microcrystals.
Infrared spectroscopy was utilized in all three cases to track the uptake and release of ammonia. For the
thin film and powder, powder XRD patterns were collected to gain further insights into how ammonia
affects the overall crystal structure; and EDS was used to examine elemental composition. Beyond
monitoring the effect of the initial ammonia exposure, both SPM and IR were used to understand
what happens when ammonia is removed and re-introduced to the surMOF material. To further
investigate the findings from the aforementioned experiments and explore the effect of different
processing solvents, experiments utilizing a purchased standard of HKUST-1 powder (Basolite® C 300)
were conducted.

3.1. Morphological Characterization

Integral to understanding how the material is affected by its interaction with ammonia, SPM
and SEM characterization reveal the morphological structure of the surMOF, thin film, and powder
HKUST-1 variations. Images of these structures before ammonia exposure, after exposure without
activation, and after exposure with prior activation are shown in Figure 2. In all three cases, when
the framework was exposed to ammonia without activation, the material undergoes a dramatic
morphological change. The surface of the surMOF material changed from smaller, evenly distributed
crystallites (Figure 2a) to larger bundles of nanowire-like structures (Figure 2b). A similar change of
surface morphology was observed in the thin film (Figure 2d,e). The powder material also underwent
a complete morphological change from octahedral shaped crystals (Figure 2g) to the nanowire-like
structures (Figure 2h).
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Figure 2. Top: Representative SPM images of HKUST-1 surMOFs (a) before exposure to NH3; (b) after
exposure without activation; and (c) after exposure with prior activation. Middle: SEM images of
HKUST-1 drop-cast thin film (d) before exposure to NH3; (e) after exposure without activation; and
(f) after exposure with prior activation. Note: Due to high conductivity, underlying gold substrate
appears bright in SEM images (especially prevalent in (e) and (f)). Bottom: SEM images of HKUST-1
powder (g) before exposure to NH3; (h) after exposure without activation; and (i) after exposure with
prior activation. All scale bars in (a–c) are 2 μm, in (d–f) are 100 μm, and in (g–i) are 10 μm.

A minor morphological change was observed when the framework was activated prior to
ammonia exposure. The surMOF underwent a slight morphological change where the sharpness
of the nanocrystallite features were reduced; and the size of the isolated structures on the surface
increased (Figure 2c) relative to the film features before exposure (Figure 2a). The thin film and the
powder materials did not undergo significant morphological changes after exposure to ammonia with
activation (Figure 2f,i).

These images and observations provide new and important information as to how ammonia
affects the morphology of the HKUST-1 crystals dependent on whether or not the material was
activated (removing water or residual solvent) before the framework was exposed to the gas. When the
sample was not activated, the ammonia-framework interaction resulted in a dramatic morphological
change that was not observed when the framework was activated prior to exposure. This result
is consistent with the findings of Peterson et al. [36] that the presence of water or residual solvent
alters the reaction of the MOF with ammonia. Based on the morphological changes observed and
the conclusions by Peterson, it can be hypothesized that the nanowires formed by exposure without
prior activation could be Cu(OH)2 crystallites and that the changes (or lack thereof) observed in the
samples exposed with prior activation could be due to the formation of a copper(II)-diamine species.
Regardless of the products formed, the images clearly show that different interactions are taking place
dependent on whether the sample was activated.

Further, it was confirmed that the heating process involved did not cause a significant
morphological change on the surMOF, which is an important observation because MOF materials are
often activated prior to being used. This was shown by an experiment in which the as-synthesized
sample was characterized following the activation process without subsequent ammonia exposure
(shown in Section 3.5).

3.2. Compositional Characterization

Infrared spectra were obtained to investigate the chemical composition of the framework. This
characterization technique was utilized to monitor uptake of ammonia and to examine how this
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exposure affected the framework. A comparison was conducted for when the sample underwent
exposure to ammonia both without and with activation. Spectra of the framework before ammonia
exposure, after exposure of an as-synthesized sample, and after exposure of an activated sample are
shown in Figure 3 for the surMOF, thin film, and powder variations of the framework. The EDS was
obtained for the powder and thin film samples to investigate the chemical identity of compounds
captured within the framework, such as the DMSO solvent or the ammonia gas.

Figure 3. Infrared (IR) spectra of HKUST-1: (a) surMOF before exposure to NH3; (b) surMOF after
exposure without activation; (c) surMOF after exposure with prior activation; (d) drop-cast thin film
before exposure to NH3; (e) drop-cast thin film after exposure without activation; (f) drop-cast thin film
after exposure with prior activation; (g) powder before exposure to NH3; (h) powder after exposure
without activation; and (i) powder after exposure with prior activation.

Characteristic IR peaks for HKUST-1 are present in all samples prior to exposure [27,34,38]; and
a few small differences between the MOF variations are observed (Figure 3a,d,g). The asymmetric
COO- stretch (~1650 cm−1) and the C–C aromatic vibration peak, corresponding to the linker molecule
(~1440 cm−1), are present in all spectra. All spectra for the as-synthesized materials also contain a
very broad peak at ~3000–3400 cm−1, indicative of water or deposition solvent within the framework
(Figure 3a,d,g). Peaks at 2930 cm−1 and 2855 cm−1 are only present in the surMOF sample and
correspond to the C–H stretch of the underlying self-assembled monolayer on the gold substrate
(Figure 3a–c) [48]. Peaks at 950 cm−1 and 1000 cm−1 are present only in the thin film and powder
spectra (Figure 3d,g) and correspond to the DMSO solvent, indicating that it is present within the
framework. The DMSO also has broad peaks around ~3000 cm−1, which occur at the same vibrational
frequency as water [49]. For both the as-synthesized thin film and powder sample, EDS data confirm
the presence of the DMSO deposition solvent, showing a 1:1 ratio of the Cu:S (SI Figures 1 and 4). This
suggests that each open axial copper paddlewheel position may be occupied by one DMSO ligand.
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All of the data gleaned from the IR spectra indicate that ammonia was present after exposure
regardless of prior activation and HKUST-1 variation. Changes occurred in the spectra when the
framework was exposed to ammonia (Figure 3b,c,e,f,h,i) consistent with literature observations [34].
A new distinct peak appeared around 3300 cm−1 that corresponds to the N-H stretch of ammonia
on the framework [50]. This was true regardless of whether the framework was activated prior to
exposure, which indicated that the uptake of ammonia into the framework was not dependent on
activating the framework. Other changes that occurred upon exposure to ammonia were the shifting of
the peak at 1650 cm−1 to 1625 cm−1, the increase in intensity of peak at 1560 cm−1, the appearance of
two peaks in the 1260–1210 cm−1 range, and the broadening/shifting of the 1370 cm−1 and 1450 cm−1

peaks. All of these observances are in accord with previous studies investigating the effect of ammonia
gas on the HKUST-1 framework [34]. After ammonia exposure for both as-synthesized and activated
samples, EDS for the thin film and powder variations confirmed the presence of nitrogen and the
removal of sulfur (SI Figures 2, 3, 5 and 6). (Note that the low-energy -ray peak associated with
nitrogen in the crowded region with carbon and oxygen did not permit quantitative analysis of the
nitrogen composition, but did qualitatively confirm its presence.) The data show that the ammonia gas
displaced any solvent molecules present within the as-synthesized framework.

3.3. Crystal Structure Characterization

Powder XRD data were obtained for the thin film and powder systems, but could not be obtained
for the surMOF films investigated in this study due to the low density of material bound to the surface.
The similarities observed via microscopy and IR analysis for all three variations suggest that crystal
structure findings for the thin film and powder likely translate to the surMOF variation.

Powder XRD was important for confirming the HKUST-1 structure for the synthesized thin film
and bulk samples, as well as for characterization of the crystal structure after ammonia exposure.
Patterns for the material before ammonia exposure, after exposure without activation, and after
exposure with prior activation are shown in Figure 4 for the thin film and powder variations of the
framework. The peaks corresponding to the thin film and powder material pre-exposure (Figure 4b,e)
match well with the reference pattern (Figure 4a), indicating that the HKUST-1 crystal structure
was obtained. The MOF deposited as a thin film (Figure 4e) demonstrates a preferred (111) crystal
orientation. Noteworthy is that the XRD for the powder has broader peaks in comparison to the film,
revealing the highly crystalline nature of the film.

Figure 4. XRD patterns of (a) reference for HKUST-1 powder (ICDD pdf number 00-062-1183);
(b) powder before exposure to NH3; (c) powder after exposure without activation; (d) powder after
exposure with prior activation; (e) drop-cast thin film before exposure to NH3; (f) drop-cast thin film
after exposure without activation; and (g) drop-cast thin film after exposure with prior activation.
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Ammonia exposure with and without activation resulted in a change in crystal structure as
observed by powder XRD (Figure 4c,d,f,g); and the resulting patterns are in general agreement with
previous studies investigating the effect of ammonia on HKUST-1 [10,36,46]. For the HKUST-1 powder,
the patterns for both as-synthesized and activated samples after ammonia exposures are consistent
with one another (Figure 4c,d). This indicates that the activation step did not prevent the change in the
crystal structure, despite what the SEM revealed with the crystal morphology remaining consistent.
The same was observed for the as-synthesized and activated HKUST-1 thin films (Figure 4f,g). These
observations highlight the importance of monitoring changes in both the morphology and the crystal
structure, demonstrating that changes in crystallographic structure does not necessitate significant
changes in substrate morphology. When comparing the ammonia exposures for the film and powder,
the broadness of the peaks for the ammonia exposures to the film and powder are different, but the
locations are consistent, revealing that the same crystal structure transformation is observed. The
differences in the patterns are that the powder sample has broad peaks, while the film sample has
sharper and therefore more distinguishable peaks. This is consistent with the samples before exposure
with broader peaks observed for the synthesized powder (Figure 4b) and sharper peaks observed for
the synthesized film (Figure 4e).

3.4. Standard Powder Investigation of Solvent Effects

Experiments with a standard HKUST-1 powder were undertaken in order to investigate a sample
with and without residual solvent ligands within the framework. For the synthesized thin film and
powder HKUST-1 samples, DMSO was found to be present in the as-synthesized materials and is likely
coordinated to the open copper paddlewheel site. For the surMOF HKUST-1 sample, water is within
the framework and likely bound at this same site. By conducting the experiments with a standard
powder obtained commercially, this study investigated (1) the outcome of ammonia exposures on this
standard powder void of residual solvent; (2) the effect of residual water and DMSO on this powder;
and (3) the outcome of an ammonia exposure after the water or DMSO solvent were present within
the framework.

3.4.1. Standard Powder as Received

The obtained standard powder was found to be consistent with literature precedent for HKUST-1
by SEM [11], IR [34], and XRD [10,36,46] characterization (Figures 5a, 6a and 7b). The SEM analysis
of the crystal morphology for the standard powder was consistent with the powder synthesized by
the procedure described herein. The EDS data showed no evidence of nitrogen present and minimal
(2%–3%) sulfur (SI Figure 7). It is noteworthy that the standard powder matched the peak intensities of
the HKUST-1 reference pattern (Figure 7a,b) more so than the synthesized powder shown in Figure 4b.

Exposures of ammonia gas for as-synthesized and activated samples were both successful, as
IR confirmed the presence of ammonia (Figure 6b,c); and EDS data qualitatively showed similar
uptake of nitrogen for both ammonia exposures (SI Figures 8 and 9). The SEM images reveal no
morphological changes after either type of exposure (Figure 5b,c), suggesting that the standard powder
was activated as received. (Note that the presence of silicon was observed via EDS (SI Figure 7), and
this diatomaceous earth was observed in SEM images, which was likely an active desiccant to help
maintain activation.) Despite the lack of morphological changes, the crystal structure observed by
XRD did change upon exposure to ammonia (Figure 7b–d). The XRD patterns for the standard powder
without and with activation (Figure 7c,d) are consistent with one another as well as with the XRD
patterns for the ammonia exposures of the as-synthesized HKUST-1 powder (Figure 4c,d).
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Figure 5. Representative SEM images of HKUST-1 powder (obtained commercially as Basolite® C 300)
(a) before gas exposure; (b) after NH3 exposure without activation; (c) after NH3 exposure with prior
activation; (d) after H2O vapor exposure; (e) after H2O vapor and subsequent NH3 exposure without
activation; (f) after DMSO exposure; (g) after DMSO and subsequent NH3 exposure without activation.

Figure 6. IR spectra of HKUST-1 powder (obtained commercially as Basolite® C 300) (a) before gas
exposure; (b) after NH3 exposure without activation; (c) after NH3 exposure with prior activation;
(d) after H2O vapor and subsequent NH3 exposure without activation; (e) after DMSO and subsequent
NH3 exposure without activation.
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Figure 7. XRD patterns of (a) reference pattern for HKUST-1 powder (ICDD pdf number 00-062-1183);
(b) commercially obtained HKUST-1 powder (Basolite® C 300) before gas exposure; (c) after NH3

exposure without activation; (d) after NH3 exposure with prior activation; (e) after H2O vapor exposure;
(f) after H2O vapor and subsequent NH3 exposure without activation; (g) after DMSO exposure;
(h) after DMSO and subsequent NH3 exposure without activation.

3.4.2. Standard Powder with Water Exposure

After exposing the standard powder to water vapor, the crystal morphology observed via
SEM was unchanged (Figure 5d), and the crystal structure was maintained according to XRD
(Figure 7e). Noteworthy, the peak intensities observed in the diffraction pattern were more similar to
the synthesized powder (Figure 4b) rather than the standard powder as-received (Figure 5b). This is
indicative that the water is bound to the framework of the standard powder after water exposure.

For this standard powder exposed to water vapor, an ammonia exposure resulted in a change in
crystal morphology observed by SEM (Figure 5e), the uptake of ammonia detected by EDS (SI Figure 10)
and IR (Figure 6d), and a change in crystal structure seen by XRD (Figure 7f). The morphology for this
sample that had undergone an ammonia exposure after water vapor exposure (Figure 5e) was similar
to that of the as-synthesized HKUST-1 powder upon exposure to ammonia (Figure 2h). The XRD data
after ammonia exposure for this sample (Figure 7f) was consistent with the exposures on the standard
powder (Figure 7c,d) and the synthesized powder (Figure 4c,d).

3.4.3. Standard Powder with DMSO Exposure

After exposing the standard powder to DMSO, the crystal morphology was unchanged as
observed via SEM (Figure 5f). The crystal structure was maintained with the same small change
in peak intensity (Figure 7g) as observed for the standard powder after water exposure (Figure 7e),
which again was similar to that of the synthesized powder (Figure 4b). The IR shows peaks at
approximately 950 cm−1 and 1000 cm−1 which are consistent with DMSO. The EDS shows a 1:1 ratio
of Cu:S (SI Figure 8), which correlates with the same ratio found for the synthesized powder. This IR
and EDS data suggests 1 DMSO may be coordinated to each axial copper paddlewheel site.

Upon subsequent ammonia exposure, IR and EDS data indicated that ammonia was captured
(Figure 6e) (SI Figures 11 and 12). The SEM showed that the crystal morphology changed (Figure 5g)
in a manner consistent with what had been observed for all ammonia exposures of as-synthesized
samples (Figure 2b,e,h). The resulting XRD pattern (Figure 7h) is consistent with the patterns for other
ammonia exposures (Figures 7c,d,f and 4c,d), especially those of the synthesized powder (Figure 4c,d).
For the standard powder with water exposure before ammonia exposure, the XRD peaks (Figure 7f)
were sharper, correlating with the size of the crystals observed by SEM (Figure 5f) relative to those for
both the standard powder exposed to DMSO and the synthesized powder after ammonia exposure
(Figures 5g and 2h, respectively).

355



Nanomaterials 2018, 8, 650

3.4.4. Discussion of Solvent Effects on Standard Powder

This study shows that the presence of different solvent ligands results in the loss of crystal
morphology after ammonia exposure, while the crystal structure is essentially the same independent
of the solvent molecules presence. Why does the presence of the ligand result in loss of the crystal
morphology? Based on this research, it is hypothesized that this may be that the ligand is bound to
the copper paddlewheel, destabilizing the structure. This is specifically supported by the change in
the XRD pattern of the standard powder after it is exposed to water and DMSO. The change in peak
intensities may be indicative of this destabilization. In addition, if water or solvent is in fact bound to
the copper paddlewheel as hypothesized, then this creates a competition for binding when ammonia
is introduced [37]. This competition likely changes the way ammonia is able to interact with the
various parts of the framework, explaining why the morphology change is different depending on the
absence or presence of solvent. By activating the HKUST-1 before ammonia exposure, one is not able to
prevent the change in crystal structure but is able to prevent the dramatic change in morphology, which
remained unknown until now. This is advantageous because morphological changes destroy film
continuity and would affect the packing and interaction of the powder within a composite material
or device architecture. Understanding and preventing this degradation is fundamental toward the
integration of MOF materials into hierarchical structures for the realization of their potential in
applications as thin film sensors or for industrial gas sequestration.

3.5. Characterization of Regeneration and Re-exposure

This research has shown that the presence of residual solvent disrupts the morphology of three
HKUST-1 variations upon exposure to ammonia and that this disruption can be prevented by activation
prior to initial gas exposure. Will the original morphology be preserved upon the removal of the
ammonia from within the framework and, if so, then what about after a second round of gas exposure?
Toward future applications, it is necessary for the material to be morphologically stable not just upon
initial exposure, but also for the ammonia uptake to be reversible for multiple cycles of exposure,
removal, and re-exposure. This investigation was undertaken for the surMOF HKUST-1 variation with
SPM and IR. This was done to determine if the ammonia can be removed after exposure and then
whether the framework can re-uptake ammonia upon a subsequent exposure.

Scanning probe microscopy images and IR spectra in Figure 5 show that the activated surMOF
(Figure 8b) remained morphologically stable after it was exposed to ammonia once (Figure 8c),
regenerated by the removal of ammonia (Figure 8d), and exposed to ammonia a second and sixth
time (Figure 8e,f). The SPM images reveal a minor loss in the sharpness of the features after the initial
exposure, but the morphology did not change again even after multiple rounds of regeneration and
re-exposure. The IR data support that the ammonia was removed by the regeneration process and
re-incorporated upon re-exposure. The peak in the IR spectra (~3300 cm−1) corresponding to ammonia
was no longer present after regeneration (Figure 8d’), and the peak was again observed after the
second (Figure 8e’) and sixth (Figure 8f’) exposures, indicating successful removal and re-addition of
ammonia onto the framework. The observation that ammonia can re-bind to the substrate even after
the material undergoes a morphological change is consistent with the results of Peterson et al., which
showed that ammonia could still interact with the substrate after undergoing its initial changes in
structure and composition [36].
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Figure 8. Top: Representative SPM images of HKUST-1 surMOFs (a) before exposure to NH3; (b) after
activation; (c) after exposure with prior activation; (d) after regeneration; (e) after second exposure
with activation; and (f) after sixth exposure with activation. Bottom: Corresponding IR spectra (a’–f’).

4. Conclusions

For the successful incorporation of HKUST-1 into hierarchical architectures, fundamental research
is necessary to investigate the effect of heat and gas on the material structure. This study explored how
the morphology and crystal structure of the MOF respond to ammonia gas exposure, yielding insights
into the effect of different residual solvent molecules within the HKUST-1 framework. In studying three
variations of HKUST-1 (surMOF, drop-cast thin film, bulk powder), it was found that all responded
similarly, independent of substrate confinement and size variance. While microscopy demonstrated
a dramatic change in the morphological structure upon ammonia exposure for the as-synthesized
material, activation of the framework by prior heating was demonstrated to rid the framework of
solvent molecules and thus mitigates the disruption. An alteration in crystal structure, observed by
XRD, was shown to occur in both the drop-cast film and powder, regardless of activation. Additionally,
IR supported the successful uptake of ammonia, independent of activation prior to exposure. For
activated surMOF films, ammonia uptake was shown to be reversible, permitting removal and
recycling upon additional exposures, preserving framework morphology throughout. These findings
provide new information about the HKUST-1 ammonia interaction specific to morphological stability
and crystal structure change.

Building upon the research herein, additional avenues of study will be explored to expand
the versatility and performance capability of HKUST-1 and other MOF systems for gas capture.
Morphological stability studies involving exposure with additional gas varieties, such as arsine
or hydrogen sulfide, are of interest to further understand the morphological impact induced by
the host-guest interaction within both free-standing and surface-anchored HKUST-1 variations.
Literature precedent has shown by XRD that HKUST-1 degrades upon arsine exposure without
prior activation, whereas hydrogen sulfide is observed to disrupt the framework with or without
prior activation [15]. Additional MOF systems, such as MOF-5, MOF-177, and UiO-66, shall be
observed to determine morphological stability upon ammonia exposure with and without activation.
Prior studies demonstrated that UiO-66 was stable according to XRD upon activated exposure [51],
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while both MOF-5 and MOF-177 systems were observed to degrade via XRD [52]. This area of
research will yield further understanding regarding the potential capabilities and limitations of MOF
materials, continuing toward the goal of incorporating MOF assemblies as smart interfaces for sensing
applications or selective gas adsorption devices.
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Abstract: NiAl-layered double hydroxide (NiAl-LDH) coatings grown in-situ on AZ31 Mg alloy
were prepared for the first time utilizing a facile hydrothermal method. The surface morphologies,
structures, and compositions of the NiAl-LDH coatings were characterized by scanning electron
microscopy (SEM), three dimensional (3D) optical profilometer, X-ray diffractometer (XRD),
Fourier transform infrared spectrometer (FT-IR), and X-ray photoelectron spectroscopy (XPS).
The results show that NiAl-LDH coating could be successfully deposited on Mg alloy substrate
using different nickel salts, i.e., carbonate, nitrate, and sulfate salts. Different coatings exhibit different
surface morphologies, but all of which exhibit remarkable enhancement in corrosion protection in
3.5 wt % NaCl corrosive electrolyte. When nickel nitrate was employed especially, an extremely
large impedance modulus at a low frequency of 0.1 Hz (|Z|f = 0.1 Hz), 11.6 MΩ cm2, and a significant
low corrosion current density (jcorr) down to 1.06 nA cm−2 are achieved, demonstrating NiAl-LDH
coating’s great potential application in harsh reaction conditions, particularly in a marine environment.
The best corrosion inhibition of NiAl-LDH/CT coating deposited by carbonate may partially ascribed
to the uniform and vertical orientation of the nanosheets in the coating.

Keywords: Mg alloy; LDH; corrosion; deposition; coating

1. Introduction

Mg alloy has excellent physical and mechanical properties but a high chemical reactivity and
susceptibility to corrosion, which hinders its practical application and development in more fields [1].
Efforts by formation of protective coatings on Mg alloy surface to decrease the corrosion rate and
extend the serving time have aroused an increasing interest in the area of surface engineering [1,2].
Many traditional coating methods are adopted to protect Mg alloy from corrosion, such as electroless
Ni plating [3,4]. However, more and more attendant problems, especially environmental issues,
emerge with increasing usage of these techniques, such as the high cost and complexity in dealing
with the waste plating bath, and the detrimental effect of Cr to the ecosystem [3]. Thus, it is highly
urgent to find state-of-the-art alternative coatings with low pollution emissions but with efficient
corrosion inhibition.

Layered double hydroxides (LDHs) have received extensive attention for potential application in
supercapacitor [5], catalysis [6], adsorbents [7], and corrosion protection [8] because of their diversity
in compositions and structures. The charge of the metal layer in the LDHs is compensated by interlayer
anions such as CO3

2−. Once CO3
2− anions are intercalated, it cannot be exchanged by most corrosive

anions, such as SO4
2− and Cl−, due to the high ion-exchange equilibrium constant of CO3

2− anions,
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thereby the corrosion of the substrate under the LDHs coating will be delayed. From this point of
view, CO3

2− anions intercalated LDHs are an ideal choice for obtaining a LDHs coating with high
corrosion inhibition capacity. The most widely reported CO3

2− intercalated LDHs on Mg alloy matrix
is MgAl-LDHs coating, which is obtained, in most cases, by in-situ growth technology owing to
the simplification of operation and strong adhesion of the coating [9]. Recently, MgFe-LDH and
MgCr-LDH films were also obtained on anodized AZ31 Mg alloy by in-situ growth measurement [10].
However, the orders of magnitude of the jcorr of these in-situ grown LDH coatings are higher than
−8, mostly range from −5 to −7 (Table 1) [8,11–14]. To break the bottleneck of jcorr, it is advisable to
prepare carbonate-based LDHs film by attempting more different divalent or trivalent metallic cations.
Though most recent research results proved that NiAl-LDH nanoparticles possess good photocatalytic
performance [15], in-situ growth of NiAl-LDH film on Mg alloy for corrosion protection has not yet
been reported to date.

Table 1. Corrosion inhibition of different layered double hydroxide (LDH) coatings on Mg alloy from
most recent published literature.

Substrate LDH Coatings Corrosive Medium
Ecorr

V vs. SCE
jcorr

(A cm−2)
Ref.

Mg alloy MgAl-NO3
− Phosphate buffer saline −1.53 3.63 × 10−7 [14]

Anodized AZ31 Mg alloy MgAl-NO3
− 3.5 wt % NaCl solution −0.47 9.48 × 10−7 [8]

Anodized AZ31 Mg alloy MgAl-VO3
− 3.5 wt % NaCl solution −0.40 2.48 × 10−7 [8]

Anodized AZ31 Mg alloy MgAl-NO3
− 3.5 wt % NaCl solution −1.34 1.18 × 10−7 [10]

AZ31 Mg alloy MgAl-5-fluorouracil Phosphate buffer saline −1.12 3.34 × 10−5 [13]
Plasma electrolytic oxidation

pretreated AZ31 Mg alloy MgAl-5-fluorouracil Phosphate buffer saline −1.20 3.92 × 10−6 [13]

AZ31 Mg alloy MgAl-5-fluorouracil Phosphate buffer saline −1.42 3.27 × 10−5 [16]
Anodized AZ31 Mg alloy MgFe-NO3

− 3.5 wt % NaCl solution −1.44 1.09 × 10−6 [10]
Anodized AZ31 Mg alloy MgCr-NO3

− 3.5 wt % NaCl solution −1.47 2.16 × 10−6 [10]
AZ91D Mg alloy ZnAl-VO3

− 3.5 wt % NaCl solution −1.30 2.21 × 10−6 [17]
AZ91D Mg alloy ZnAl-Cl− 3.5 wt % NaCl solution −1.39 2.52 × 10−6 [17]
AZ91D Mg alloy ZnAl-NO3

− 3.5 wt % NaCl solution −1.42 1.33 × 10−5 [17]
AZ31 Mg alloy MgAl-CO3

2− 3.5 wt % NaCl solution −0.36 8.40 × 10−7 [18]
Anodized AZ31 MgAl-CO3

2− 3.5 wt % NaCl solution −0.29 3.50 × 10−7 [18]

Herein, we report a facile hydrothermal measurement to in-situ growth of NiAl-LDH
nanocomposite on Mg alloy by use of alkaline solutions with three different nickel salts for preparation
of a highly enhanced corrosion-resistant coating with an extraordinary low corrosion rate (Figure 1).
The NiAl-LDH coating prepared by nickel carbonate exhibits uniformly and vertically aligned
nanoarrays with an extremely large impedance modulus at a low frequency of 0.1 Hz (|Z|f = 0.1 Hz),
11.6 MΩ cm2, and a significantly low jcorr down to 1.06 nA cm−2 in 3.5 wt % NaCl corrosive
electrolyte, which outperforms the values of the foregoing achieved LDH coating on Mg alloy
(Table 1) [8,10,13,14,16–18]. The NiAl-LDH coatings were characterized, and the enhanced corrosion
inhibition mechanism was proposed and discussed.
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Figure 1. Schematic illustration of various microstructures of NiAl-LDH coatings prepared with different
nickel salts. (I) nickel carbonate; (II) nickel nitrate; and (III) nickel sulfate. The interlayer anions are not given
in case III.

2. Methods

2.1. Materials and Reagents

The matrix used is AZ31 Mg alloy with a chemical composition in wt %: 2.75 Al, 1.15 Zn,
0.16 Mn, and Mg balance. Primary chemicals include nickel carbonate (AR), nickel nitrate (≥98%),
nickel sulphate (≥98.5%), sodium carbonate (≥99.8%), and sodium hydroxide (≥98%). Chemicals were
acquired from Aladdin Industrial Inc. (Shanghai, China) and Sinopharm Chemical Reagent Co., Ltd.
(Shanghai, China), and all chemicals were used without further purification. Ultrapure water used in
the experiments was obtained using a water purification system (UPT-II-10T, Ulupure Corporation,
Chengdu, China) with a resistivity of 18.2 MΩ cm at 25 ◦C.

2.2. Preparation of NiAl-LDH Coatings on Mg Alloy

All the NiAl-LDH coatings were grown on Mg alloy substrate by a simple one step hydrothermal
method with the same steps and conditions but with three different nickel salts. The obtained
coatings by use of nickel carbonate, nickel nitrate, and nickel sulphate are denoted as NiAl-LDH/CT,
NiAl-LDH/NT, and NiAl-LDH/ST coatings, respectively. The mole ratio of Ni2+, Al3+, and CO3

2− in
the precursor solution is 6:2:1. Take the preparation of NiAl-LDH/CT coating, for example, which is
described as follows:

Pre-treatment of substrate: The AZ31 Mg alloy was ground mechanically with SiC waterproof sand
paper and degreased in an alkaline solution at 65 ◦C for 10 min [3].

Preparation of precursor solution: 40 mL aluminum nitrate solution (0.002 mol Al(NO3)3·9H2O) was
first added to a nickel solution (~40 mL) containing 0.002 mol NiCO3·2Ni(OH)2·4H2O. Then, 0.001 mol
anhydrous Na2CO3 was added, followed by pH adjustment of the solution to about 12 by use of
a NaOH solution (~3.7 mL). Finally, the above solution was diluted to a volume of 100 mL by adding
ultrapure water.

Growth of NiAl-LDH film: The solution above was then transferred into a 100 mL Teflon-lined
autoclave where a pre-treated Mg alloy has been placed. Then, the autoclave was placed and kept in
an oven with a temperature of 125 ◦C for 24 h for in-situ growth of NiAl-LDH films on the matrix.

After that, the samples were taken out of the autoclave, rinsed with water, dried overnight in
an oven at 65 ◦C, and designed as NiAl-LDH/CT coating. The amount of nickel salts is 0.006 mol for
deposition of NiAl-LDH/NT and NiAl-LDH/ST coatings, which is the sole difference in comparison
with preparation of NiAl-LDH/CT coating.

2.3. Characterization and Electrochemical Tests

The surface morphologies and roughness of the different NiAl-LDH coatings were
observed by scanning electron microscopy (SEM, Hitachi S-4800, Hitachi High-Technologies
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Corporation, Tokyo, Japan), and three dimensional (3D) optical profilometer (Bruker Contour GT-K,
Billerica, MA, USA), respectively. The arithmetical mean deviation of the profile (Ra) is used to
estimate the roughness. The microstructures of the coatings were identified by X-ray diffractometer
(XRD, D8 Advance). Fourier transform infrared spectroscopic acquisition of the specimens were
obtained (FT-IR, Nicolet 6700, Thermo Scientific, Waltham, MA, USA) in the range of 4000~500 cm−1.
The elemental compositions of the sample surface were recorded by X-ray photoelectron spectroscopy
(XPS, 250Xi, Thermo Scientific, Waltham, MA, USA) and energy dispersive X-ray spectroscopy (EDS)
equipped in SEM. The water contact angles were measured with a water drop volume of 5 μL,
utilizing optical contact angle meter (JC2000D, Shanghai Zhongchen Digital Technology Apparatus
Co., Ltd., Shanghai, China) at 298 K. The electrochemical impedance spectroscopy (EIS) and Tafel
curves were achieved using a classical three-electrode system with saturated calomel electrode (SCE)
as reference electrode, Pt foil as counter electrode, and freshly ground bare Mg alloy and as-prepared
NiAl-LDH coatings as working electrode (exposed area: 1 × 1 cm2) on an electrochemical workstation
(CHI660E, Chenhua, Shanghai, China). The EIS frequencies range from 105~0.1 Hz using an AC
perturbation of 10 mV versus the open circuit potential (OCP). The Tafel measurement was performed
at a scan rate of 5 mV/s in the potential region of ±500 mV versus OCP. All the electrochemical tests
were carried out in a 3.5 wt % NaCl solution at 298 K.

3. Results and Discussion

The digital photos of bare Mg alloy and three different NiAl-LDH coatings are shown in
Figure 2. The substrate shows a shiny surface after polishing and pre-treatment processes, as shown
in Figure 2a. After coating, all the samples show a light bronze-like surface in color, suggesting the
successfully deposition of NiAl-LDH coating on the Mg alloy (Figure 2b–d). The surface brightness of
NiAl-LDH/CT and NiAl-LDH/NT coatings are very close, and both of which are brighter than that of
NiAl-LDH/ST coating.

 

Figure 2. Digital photos of (a) bare Mg alloy; (b) NiAl-LDH/CT; (c) NiAl-LDH/NT; and (d)
NiAl-LDH/ST coatings.

Figure 3a shows the XRD patterns of Mg alloy and NiAl-LDH coatings obtained with different
nickel salts. For the substrate, three strong peaks at (2θ) 32.20◦, 34.40◦, and 36.62◦, and several relatively
weak peaks at 47.83◦, 63.06◦, and 72.50◦, etc. are ascribed to the characteristic diffraction peaks of Mg
(PDF 35-0821). These small and weak peaks at 18.59◦, 38.02◦, 58.64◦, and 62.07◦ are the characteristic
peaks of Mg(OH)2 (PDF 07-0239) [19,20]. The XRD patterns of all coatings are almost identical and
two new peaks appear at ca. 11.73◦ and 23.58◦, which correspond to the (003) and (006) planes of
NiAl-LDH (PDF 15-0087) [15]. Figure 3b shows that all samples present almost the same absorption
peaks in the FT-IR spectra. The relatively strong peak at 3692 cm−1 is related to the O–H stretching
vibration of Ni–O–H, and the broadening adsorption peaks at 3464 cm−1 and 1630 cm−1 are associated
with the O–H stretching and bending vibrations from interlamellar water molecules [21] owing to
formation of hydrogen-bond. The absorption bands located at 1368 and ca. 1070 cm−1 correspond
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to the asymmetrical and symmetrical stretching vibrations of C–O in CO3
2−, respectively. The weak

bands below 800 cm−1 are assigned to lattice vibrations of metal-oxygen (M–O) in the brucite-like
layers [8]. XPS survey spectrum in Figure 3c shows that the primary elements of substrate are Mg
and O, and C 1s peaks is hardly seen. After coating, two new peaks appeared at ca. 856.5 and 74.2 eV
which are assigned to Ni 2p and Al 2s, respectively. In addition, significant intensification of C 1s
peak at ca. 284 eV is observed. The Ni 2p high-resolution XPS spectra exhibit two major peaks along
with two pairs of shake-up satellites (Figure 3d). The major peaks at 873.4 and 855.7 eV relating to Ni
2p1/2 and Ni 2p3/2 with a spin-energy separation of 17.7 eV are characteristics of Ni (II) in Ni(OH)2.
The Al 2p spectra showing peaks at ca. 74.4 eV (Figure 3e) are ascribed to Al3+ species (Al–O). The C 1s
spectrum is deconvoluted into three separate peaks related to different types of carbon bonds including
C–C at 284.8 eV owing to adventitious carbon, C–O (286.3 eV) and O–C=O (288.7 eV) from CO3

2−

(Figure 3f). These characterizations demonstrate the successful formation of NiAl-LDH crystal phase
on the matrix.

 

Figure 3. (a) XRD patterns; (b) FT-IR; and (c–f) XPS spectra of different NiAl-LDH coatings.
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Figure 4a–c exhibits the matrix surface fully covered with vertically aligned nanoflake arrays for
the NiAl-LDH/CT coating, both vertically and horizontally aligned, and randomly-inclined nanoflakes
for the NiAl-LDH/NT coating, and nanonodules for the NiAl-LDH/ST coatings. These coatings are
composed of Ni, Al, C, and O, and distribute uniformly all over the LDHs coating surfaces (Figure 4d–f).
The thickness and side length of the nanoflakes are 63 and 425 nm, respectively, for NiAl-LDH/CT
coating. The thickness of the nanoflakes for NiAl-LDH/NT coating is about 34 nm, and the length
cannot be determined due to random orientation and irregular shape which result in a much higher Ra,
11.76 μm, than that of NiAl-LDH/CT coating (4.24 μm) (Figure 4g–i). The NiAl-LDH/ST coating
exhibits a flat surface packed by uniform nanonodules with a size of ca. 17 nm, producing the
lowest Ra, 2.01 μm, among the three types of NiAl-LDH coatings. The different shapes of the deposits
result in different water contact angles (Figure 4j–l). The water contact angles of NiAl-LDH/CT and
NiAl-LDH/NT coatings are 84.8◦ and 82.1◦, respectively, while the value of NiAl-LDH/ST coating is
only 67.9◦. The variation in water contact angles led to a slight difference in corrosion inhibition for
these coatings.

 

Figure 4. (a–c) SEM; (d–f) SEM-EDS mapping; and (g–i) 3D roughness images of the surface
morphologies; and (j–l) water contact angles for (a,d,g,j) NiAl-LDH/CT, (b,e,h,k) NiAl-LDH/NT,
and (c,f,i,l) NiAl-LDH/ST coatings.

Electrochemical impedance spectroscopy (EIS) was carried out in 3.5 wt % NaCl corrosive
electrolyte to evaluate the corrosion resistance of the three NiAl-LDH coatings [22], which is depicted
in Figure 5. EIS results show that Mg alloy has a two-time constant (Figure 5a), i.e., one capacitive
loop at high frequency and one inductive loop with ranges from intermediate to low frequency region,
which are ascribed to the electric double layer at the electrode/electrolyte interface and relaxation
diffusion of corrosion products such as Mg(OH)+

ads, respectively [20,23]. According to the fitting
results by use of an equivalent circuit (EC) model as given in Figure 6a [20], the charge transfer
resistance (Rct) of the bare Mg alloy is only 369.20 Ω cm2. After deposition of NiAl-LDH films,
totally different Nyquist plots were observed. The fitting results based on an EC model consisting
of Rf, Rct, and Zw (Figure 6b) are listed in Table 2. All the coatings show a very high Rf along with
a remarkable increment of Rct, manifesting the significant enhancement of corrosion protection by the
coatings. In contrast, NiAl-LDH/CT coating exhibits the highest Rf (6.2 MΩ cm2) and Rct (3.5 MΩ cm2),
followed by NiAl-LDH/NT coating with medium Rf (3.7 MΩ cm2) and Rct (1.8 MΩ cm2), and the
NiAl-LDH/ST coating with the lowest Rf (1.4 MΩ cm2) and Rct (0.72 MΩ cm2). The impedance
modulus at a low frequency, such as |Z|f = 0.1 Hz, which can be obtained directly from the Bode plots
without fitting, also represent the corrosion-resistant capability of a coating [20,21]. It can be seen
from Table 2 that the NiAl-LDH/CT coating also possesses the highest |Z|f = 0.1 Hz, 11.6 MΩ cm2,
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in comparison with that values of NiAl-LDH/NT (6.7 MΩ cm2) and NiAl-LDH/ST (3.4 MΩ cm2)
coatings. The biggest radius of curvature in Figure 5b also confirms the best corrosion resistance of
NiAl-LDH/CT coating.

Figure 5. Nyquist plots of (a) bare Mg alloy and (b) different coatings.

Figure 6. The equivalent circuit models used for fitting the EIS results of the (a) bare Mg alloy
and (b) different NiAl-LDH coatings. The equivalent circuit (EC) model of the Mg alloy for fitting
is Rs(QdlRct(RLL)) where Rs is solution resistance, Qdl is double layer capacitance, Rct is charge
transfer resistance, RL is inductance resistance, and L is inductance. The EC model for coatings is
Rs(Qf(Rf(Qdl(RctZw)))) where Qf and Rf are capacitance and resistance of the coatings, respectively.
Zw is Warburg diffusion resistance.

Table 2. Parameters of EIS for three different NiAl-LDH coatings.

Samples
Qf/10−9

(S sn cm−2)
Rf

(MΩ cm2)
Qdl/10−9

(S sn cm−2)
Rct

(MΩ cm2)
W/10−7

(S s0.5 cm−2)

|Z|f = 0.1 Hz

(MΩ cm2)
χ2/10−3

NiAl-LDH/CT coating 2.1 ± 0.029 6.2 ± 0.17 62.8 ± 7.6 3.5 ± 0.45 3.5 ± 0.17 11.6 0.31
NiAl-LDH/NT coating 1.5 ± 0.021 3.7 ± 0.14 113.5 ± 9.8 1.8 ± 0.22 3.5 ± 0.35 6.7 0.22
NiAl-LDH/ST coating 0.84 ± 0.087 1.4 ± 0.15 24.5 ± 2.6 0.72 ± 0.076 6.9 ± 0.27 3.4 1.5

A further Tafel test was performed to ascertain the corrosion potential, Ecorr vs. SCE, and jcorr of
the samples [24,25], the results of which are shown in Figure 7 and listed in Table 3. The Ecorr and jcorr

of a bare Mg alloy are −1450 mV and 3242 nA cm−2, respectively. After deposition of NiAl-LDH/CT
film, the Ecorr shifts positively by ca. 800 mV to −674 mV, and jcorr is decreased by a factor of 3058 in
comparision with that value of the matrix.The jcorr of NiAl-LDH/NT and NiAl-LDH/ST coatings are
3.24 and 5.75 nA cm−2, respectively, which are in positive agreement with the variation of |Z|f = 0.1 Hz

because a coating with higher impedance always has lower jcorr and better corrosion resistance.
However, it is worth noting that a material with a lower jcorr does not always possess a higher Ecorr.
For example, the NiAl-LDH/ST coating has the highest jcorr but the lowest Ecorr (Table 3). That is
because Ecorr is a thermodynamic parameter, which stands for the corrosion tendency, while corrosion
rate is proportional to the jcorr, i.e., there is no direct relationship between Ecorr and jcorr.
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Figure 7. (a) Tafel curves of the bare Mg alloy and different NiAl-LDH coatings in NaCl corrosive
medium. (b) The corresponding jcorr of substrate and coatings extracted from the Tafel curve.

Table 3. Parameters of Tafel curves for bare Mg alloy and different NiAl-LDH coatings.

Samples Ecorr (mV) jcorr (nA cm−2) βa (mV dec−1) −βc (mV dec−1)

Bare Mg alloy −1450 ± 52 3242 ± 425 331 95
NiAl-LDH/CT coating −674 ± 42 1.06 ± 0.59 190 171
NiAl-LDH/NT coating −625 ± 96 3.24 ± 0.25 244 184
NiAl-LDH/ST coating −577 ± 51 5.75 ± 1.03 270 188

The high capacity and slight difference in corrosion resistance of the three different NiAl-LDH
coatings are ascribed to the high affinity of LDHs towards CO3

2− in comparison with the corrosive
Cl−, the different orientations of the nanosheets, and the different shapes of the deposition, which is
illustrated in Figure 1. The corrosive species cannot be exchanged with the brucite-like layer and
have to exchange with the CO3

2− anions to arrive at the substrate surface, but the ion-exchange is
not easy due to the high affinity of LDHs to CO3

2− anions, enabling high enhancement in corrosion
inhibition in all the as-prepared NiAl-LDH coatings. Due to the vertically-aligned nanosheets in the
NiAl-LDH/CT coating, the carbonate anions distribute evenly in the interlayer spaces, which further
increase the difficulty of the ion-exchange between CO3

2− anions and corrosive species (Case I in
Figure 1). For the NiAl-LDH/NT coating, the basal spacing becomes larger at some locations and
CO3

2− anions distribute unevenly in the interlayer spaces owing to irregular orientation of the
nanosheets, which increases the probability for corrosive species to arrive at the substrate surface by
going through fewer CO3

2− anions, resulting in reduction of corrosion inhibition (Case II in Figure 1).
In general, the dense plate-like arrangement of LDHs is favorable for increasing corrosion resistance of
the film due to lower exposure of CO3

2− anions for ion-exchange. However, for the NiAl-LDH/ST
coating in this work, nanomodules with many obvious voids rather than nanoflakes were formed,
as demonstrated by the SEM image in Figure 4c, which decreases the corrosion-resistant capability of
the LDHs film. In addition, the smaller water contact angle of NiAl-LDH/ST coating in comparison
with that of NiAl-LDH/CT and NiAl-LDH/NT coatings should also be responsible for the decreasing
corrosion inhibition of NiAl-LDH/ST coating. It is worth noting that although these explanations
above account for the difference in corrosion resistance of the three different coatings, the influences of
the different orientation and shapes of the deposition on the corrosion inhibition are not significant
because all the jcorr of the coatings remain in the level of nA cm−2.

4. Conclusions

A facile hydrothermal strategy was progressed to achieve in-situ NiAl-LDH coatings on Mg alloy
to improve the corrosion protection. All the NiAl-LDH coatings obtained by different nickel salts show
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remarkable enhancement in corrosion inhibition in NaCl solution compared with Mg alloy substrate,
which is attributed to the strongly affinity between charge-compensating CO3

2− and brucite-like
layers. The different orientation of the nanosheets and the different shapes of the deposition are mainly
responsible for the slight difference in corrosion inhibition performance among the three different
coatings. The NiAl-LDH/CT coating deposited by carbonate shows relatively the highest |Z|f = 0.1 Hz

and lowest jcorr, suggesting its best corrosion inhibition. It is believed that these findings may inspire
the design and development of other LDH nanosheet arrays, such as NiCr-LDH arrays, as highly
enhanced corrosion protection film for a susceptible lightweight metal matrix.
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